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ABSTRACT
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Report Title

The objectives of this program are to design, synthesize, and characterize multiferroic materials and heterostructures and to demonstrate 
novel solid-state cooling down to 70K based on these ferroic materials. This program combines studies of fundamental materials chemistry, 
the nature of order parameter coupling and interactions, and the fabrication of rudimentary devices based on multiferroic materials. At the 
heart of this program is the ability to synthesize high quality thin film samples using state-of-the-art growth techniques that combine both 
classic molecular beam epitaxy (MBE) and pulsed-laser deposition (PLD). The program will develop new high-performance multiferroics, 
will study the coupling across interfaces in multiferroic-based heterostructures with the goal of developing a better understanding of 
coupling in multiferroic-based device structures, and will generate the fundamental understanding of these materials needed for novel 
magneto-, electro-, and magneto-electro-caloric cooling applications. Outcomes will include the identification and study of new multiferroic 
phases and heterostructures, better understanding of coupling across interfaces in multiferroic-based structures, and unprecedented pathways 
to low temperature cooling.  This work will develop novel materials and material performance relevant to future Army capabilities – 
including the development of highly efficient, low vibration, solid-state cooling capabilities for a wide array of applications including night 
vision systems.
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Scientific Progress



During this period, we have continued our effort on the synthesis, fabrication, and characterization of thin-film multiferroic 
materials and devices. The work in this period was more broadly focused as compared to previous years and I will briefly 
highlight a number of the major findings and accomplishments. We also recap, briefly, the highlights from prior years.

Year 3

Among the most exciting accomplishments was the study of compositionally-graded thin film heterostructures as a way to 
access enhanced pyroelectric/electrocaloric response while reducing dielectric losses in materials. In particular we explored 
compositionally-graded versions of the canonical ferroelectric material PbZr1-xTixO3 where we were able to smoothly graded 
the chemistry from x = 0.2 to 0.8 and from 0.8 to 0.2. The resulting films possessed coherently strained structures with 
extremely large strain gradients (>105 m-1) – nearly 5-6 orders of magnitude larger than what can be achieved in bulk-versions 
of materials. These large strain gradients gave rise to unexpected crystal and domain structure (including Zr-rich versions of 
PbZr1-xTixO3 which should have rhombohedral symmetry possessing tetragonal crystal and domain structure) as well as exotic 
dielectric and ferroelectric properties (including the presence of built-in potentials that shifted the ferroelectric hysteresis loops 
along the horizontal field axis and quenched dielectric response). Ultimately we were able to show that the strain gradient 
couples to the polarization via a so-called flexoelectric effect and that this gives rise to the interesting properties. This is 
important for this program since we observed that the pyroelectric coefficient of these materials was maintained at large values 
while the built-in potential quenched extrinsic (domain wall) contributions to permittivity thereby lowering it below single-crystal, 
single-domain samples. This, in turn, gives rise to an increase of the figures-of-merit for pyroelectric energy conversion of waste 
heat and electrocaloric solid state cooling. This resulted in two publications (R. V. K. Mangalam, et al., ACS Appl. Mater. 
Interfaces 5, 13235 (2013) and R. V. K. Mangalam, et al., Adv. Mater. 25, 1761 (2013)).

At the same time, our work on ferroic materials enabled us to make significant contribution to the understanding of domain wall 
or so-called extrinsic contributions to dielectric and pyroelectric responses in materials. In particular, using a combination of 
phenomenological Ginzburg-Landau-Devonshire modeling (developed for polydomain, 3D systems in our group), advanced 
thin-film synthesis, and cutting-edge characterization, we were able to show 1) that by controlling domain structures in 
ferroelectric thin films (namely the density and type of domain walls) along with the relative thermal expansion mismatch 
between film and substrate we can dramatically tune and engineer the pyroelectric response of materials and 2) by engineering 
high-density domain structures (namely in (111)-oriented films) we were able to (for the first time) directly probe a so-called 
stationary contribution that arises from the volume of the material within the domain wall without need for the domain to move. 
These works resulted in two publications (J. Karthik, et al., Phys. Rev. Lett. 109, 257602 (2012) and R. Xu, et al., Nature 
Commun. 5, 3120 (2014)).

Finally our work on ferroic and multiferroic materials has enabled a number of collaborations and wide-ranging impacts. This 
includes work on probing in situ switching and electrical field dependence of multiferroic materials in dynamic TEM studies (C. 
R. Winkler, et al., J. Appl. Phys. 112, 052013 (2012)) and a combined TEM, magnetism, and neutron study of the thickness-
dependent crossover from charge- to strain-mediated magnetoelectric coupling in La0.7Sr0.3MnO3 / PbZr0.2Ti0.8O3 thin film 
heterostructures (S. R. Spurgeon, et al., ACS Nano 8, 894 (2014)) with colleagues at Drexel University. In a similar vein, we 
were able to finalize long-standing work on the ultrathin limit of exchange bias coupling at oxide multiferroic/ferromagnetic 
interfaces together with a range of collaborators (M. Huijben, et al., Adv. Mater. 25, 4739 (2013). Finally, we leveraged our 
expertise in ferroelectrics to impact in new directions by working with colleagues to demonstrate tunable carrier type and density 
in graphene/PbZr0.2Ti0.8O3 hybrid structures through ferroelectric switching that might have potential for novel-logic and 
memory applications (C. Baeumer, et al., Nano Lett. 13, 1693 (2013)).

Year 2

Year 2 was highlighted by two manuscripts published by the lead student on this program and other involvement of this program 
in a large number of papers. Considerable effort was focused on the study of highly-strained varieties of the multiferroic 
BiFeO3. In particular, we studied the temperature- and thickness-dependent structural and morphological evolution of strain 
induced transformations in highly-strained epitaxial BiFeO3 films deposited on LaAlO3 (001) substrates. Using high-resolution 
X-ray diffraction and temperature-dependent scanning-probe-based studies we observed a complex temperature- and 
thickness-dependent evolution of phases in this system. A thickness-dependent transformation from a single monoclinically 
distorted tetragonal-like phase to a complex mixed-phase structure in films with thicknesses up to ~200 nm is the consequence 
of a strain-induced spinodal instability in the BiFeO3/LaAlO3 system. Additionally, a breakdown of this strain-stabilized 
metastable mixed-phase structure to non-epitaxial microcrystallites of the parent rhombohedral structure of BiFeO3 was 
observed to occur at a critical thickness of ~300 nm. We further proposed a mechanism for this abrupt breakdown that provides 
insight into the competing nature of the phases in this system. This paper provided the first study of the mechanism of mixed-
phase formation in this exciting materials system (Damodaran et al., Phys. Rev. B, 2012). From here, we continued on to utilize 
chemical-alloying to stabilize the mixed-phase structure of highly-strained epitaxial BiFeO3/LaAlO3 (001) heterostructures. 
Such mixed-phase structures are essential for the large electromechanical responses (4-5% strains under applied electric field); 
however, films with thickness exceeding 250 nm undergo an epitaxial breakdown to a non-epitaxial bulk-like rhombohedral-
phase. Such an irreversible transformation of the mixed-phase structure limits the magnitude of the net surface displacement 
associated with these field-induced phase transformations. Using high-resolution X-ray diffraction reciprocal space mapping and 



scanning-probe-based studies, we showed that chemical-alloying of BiFeO3 thin films can stabilize these mixed-phase 
structures and delay the onset of epitaxial breakdown in fill up to at least 500-600 nm (Damodaran et al., Appl. Phys. Lett., 
2012). 

Year 1

The work in Year 1 primarily focused on the study of the complex structural evolution of strain-induced structural phase 
transitions in BiFeO3 (BFO). We were able to uniquely identify and examine the numerous phases and phase boundaries and 
discovered a new intermediate monoclinic phase in addition to the previously observed rhombohedral- and tetragonal-like 
phases of BFO. Further analysis has also determined that the so-called mixed-phase regions of these thin films are not 
mixtures of rhombohedral- and tetragonal-like phases, but intimate mixtures of highly-distorted monoclinic phases with no 
evidence for the presence of the rhombohedral-like parent phase in these regions. Finally we propose a probable mechanism 
for the enhanced electromechanical response (4-5%) in these films including how these phases interact at the nanoscale to 
produce large surface strains (Damodaran et al., Adv. Mater. 2011).

Technology Transfer
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Abstract: The objectives of this program are to design, synthesize, and characterize multiferroic materials 
and heterostructures and to demonstrate novel solid-state cooling down to 70K based on these ferroic 
materials. This program combines studies of fundamental materials chemistry, the nature of order 
parameter coupling and interactions, and the fabrication of rudimentary devices based on multiferroic 
materials. At the heart of this program is the ability to synthesize high quality thin film samples using state-
of-the-art growth techniques that combine both classic molecular beam epitaxy (MBE) and pulsed-laser 
deposition (PLD). The program will develop new high-performance multiferroics, will study the coupling 
across interfaces in multiferroic-based heterostructures with the goal of developing a better understanding 
of coupling in multiferroic-based device structures, and will generate the fundamental understanding of 
these materials needed for novel magneto-, electro-, and magneto-electro-caloric cooling applications. 
Outcomes will include the identification and study of new multiferroic phases and heterostructures, better 
understanding of coupling across interfaces in multiferroic-based structures, and unprecedented pathways 
to low temperature cooling.  This work will develop novel materials and material performance relevant to 
future Army capabilities – including the development of highly efficient, low vibration, solid-state cooling 
capabilities for a wide array of applications including night vision systems.  

  



Engineering Ferroic and Multiferroic Materials for Active Cooling Applications 

Lane W. Martin | University of Illinois, Urbana-Champaign 

1 

 

I. Submissions or Publications Under ARO Sponsorship from Aug. 1, 2012 to July 31, 2013 

a. Papers Published in Peer-Reviewed Journals (Articles attached below) 

Year 3 

1. S. R. Spurgeon, J. D. Sloppy, C. R. Winkler, M. Jablonski, D. Kepaptsoglou, P. Balachandran, S. 
Nejati, J.  Karthik, A. R. Damodaran, C. L. Johnson, H. Ambaye, R. Goyette, V. Lauter, Q. 
Ramasse, J. C. Idrobo, K. S. Lau, S. E. Lofland, J. Rondinelli, L. W. Martin, M. L. Taheri, 
Thickness-dependent crossover from charge- to strain-mediated magnetoelectric coupling in 
La0.7Sr0.3MnO3 / PbZr0.2Ti0.8O3 thin film heterostructures, ACS Nano 8, 894 (2014).  

2. R. Xu, J. Karthik, A. R. Damodaran, L. W. Martin, Domain wall contributions to enhanced 
susceptibilities, Nature Commun. 5, 3120 (2014). 

3. R. V. K. Mangalam, J. C. Agar, A. R. Damodaran, J. Karthik, L. W. Martin, Improved pyroelectric 
figures of merit in compositionally graded PbZr1-xTixO3 thin films, ACS Appl. Mater. Interfaces 5, 
13235 (2013). 

4. M. Huijben, P. Yu, L. W. Martin, H. J. A. Molegraaf, Y.-H. Chu, M. B. Holcomb, N. Balke, R. 
Ramesh, G. Rijnders, Ultrathin limit of exchange bias coupling at oxide multiferroic/ferromagnetic 
interfaces, Adv. Mater. 25, 4739 (2013). 

5. C. Baeumer, S. P. Rogers, R. Xu, L. W. Martin, M. Shim, Tunable carrier type and density in 
graphene/PbZr0.2Ti0.8O3 hybrid structures through ferroelectric switching, Nano Lett. 13, 1693 
(2013). 

6. R. V. K. Mangalam, J. Karthik, A. R. Damodaran, J. C. Agar, L. W. Martin, Unexpected crystal and 
domain structure and properties in compositionally graded PbZr1-xTixO3 thin films, Adv. Mater. 25, 
1761 (2013). 

7. J. Karthik, J. C. Agar, A. R. Damodaran, L. W. Martin, Effect of 90º domain walls and thermal 
expansion mismatch on the pyroelectric properties of epitaxial PbZr0.2Ti0.8O3 thin films, Phys. Rev. 
Lett. 109, 257602 (2012). 

8. C. R. Winkler, A. R. Damodaran, J. Karthik, M. Jablonski, L. W. Martin, M. L. Taheri, Accessing 
intermediate ferroelectric switching regimes with time-resolved TEM, J. Appl. Phys. 112, 052013 

(2012). 

Year 2 

1. L. W. Martin, D. G. Schlom, Advanced synthesis techniques and routes to new multiferroics 
[invited review], Current Opin. Solid State Mater. Sci. 16, 199 (2012). 

2. C. R. Winkler, A. R. Damodaran, J. Karthik, L. W. Martin, M. L. Taheri, Direct observation of 

ferroelectric domain switching in varying electric field regimes using in situ TEM, Micron 43, 1121 

(2012). 

3. R. Jackson, P. C. Fletcher, J. Karthik, A. R. Damodaran, J. N. Emmerich, H. Teng, W. P. King, L. 

W. Martin, Y. Wu, Electrical and thermal characterization of a ferroelectric thin film with an electro-

thermal scanning probe, Rev. Sci. Instru. 83, 076105 (2012). 

4. P. Yu, W. Luo, J. X. Zhang, M. D. Rossell, C.-H. Yang, S. Y. Yang, Q. He, Q. M. Ramasse, R. 

Erni, L. W. Martin, Y. H. Chu, S. T. Pantelides, S. J. Pennycook, R. Ramesh, Interface control of 

bulk ferroelectric polarization, Proc. Nat. Acad. Sci. 109, 9710 (2012). 

5. S. Polisetty, J. Zhou, J. Karthik, A. R. Damodaran, D. Chen, A. Scholl, L. W. Martin, M. Holcomb, 

Linear dichroism dependence on ferroelectric polarization, J. Phys. Condens. Matter 24, 245902 

(2012). 

6. J. Karthik, A. R. Damodaran, L.W. Martin, Effect of 90° domain walls on the low-field permittivity 

of PbZr0.2Ti0.8O3 thin films, Phys. Rev. Lett. 108, 167601 (2012). 

7. J. Karthik, A. R. Damodaran, L. W. Martin, Epitaxial ferroelectric heterostructures fabricated by 

selective area epitaxy of SrRuO3 using an MgO mask, Adv. Mater. 24, 1610 (2012). 
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8. L. W. Martin, R. Ramesh, Multiferroic and magnetoelectric heterostructures [invited review], Acta 

Mater. 60, 2449 (2012). 

9. A. R. Damodaran, A. K. Choquette, L. W. Martin, Stabilization of mixed-phase structure in highly-

strained BiFeO3 thin films via chemical-alloying, Appl. Phys. Lett. 100, 082904 (2012). 

10. Q. He, C.-H. Yeh, J.-C. Yang, G. Singh-Bhalla, C.-W. Liang, P.-W. Chiu, G. Catalan, L. W. Martin, 

Y.-H. Chu, J. F. Scott, R. Ramesh, Magnetotransport at domain walls in BiFeO3, Phys. Rev. Lett. 

108, 067203 (2012). 

11. A. R. Damodaran, L. W. Martin, Temperature and thickness evolution and epitaxial breakdown in 

in highly strained BiFeO3 thin films, Phys. Rev. B 85, 024113 (2012). 

Year 1 

1. A. R. Damodaran, C.-W. Liang, Q. He, C.-Y. Peng, L. Chang, Y.-H. Chu, L. W. Martin, Nanoscale 

structure and mechanism for enhanced electromechanical response of highly-strained BiFeO3 thin 

films, Adv. Mater. 23, 3170 (2011). 

 

b. Papers Published in Non-Peer-Reviewed Journals – None 

 

c. Presentations 

i. Presentations at meetings, but not published in conference proceedings 

Year 3 

1. L. W. Martin, The Science and Engineering of Functional Complex Oxide Thin Films, Department 
of Materials Science and Engineering Seminar, Drexel University (Aug. 2013, Philadelphia, PA). 
[Invited] 

2. L. W. Martin, The Science and Engineering of Functional Complex Oxide Thin Films, Department 
of Materials Science and Engineering Colloquium, University of Illinois, Urbana-Champaign (Aug. 
2013). [Invited] 

3. L. W. Martin, The Science and Engineering of Magneto-Electro-Thermal Responses of Materials, 
International Conference & Exhibition on Advanced & Nano Materials (ICANM 2013), NSF 
Professional Development Workshop (Aug. 2013, Quebec, Canada). [Invited] 

4. L. W. Martin, Flexoelectric Effects in Compositionally Graded Ferroelectric Thin Films – Towards 
Strain 2.0, IEEE International Symposium on Applications of Ferroelectrics Meeting (July 2013, 
Prague, Czech Republic). [Invited] 

5. L. W. Martin, Probing and Controlling Thermal-Electrical Responses in Exotic Ferroelectric Thin 
Films, Department of Physics Colloquium, West Virginia University (April 2013, Morgantown, WV). 
[Invited] 

6. L. W. Martin, Fundamentals of Complex Oxide Thin-Film Growth and Characterization, Invited 
Tutorial, American Physical Society March Meeting 2013 (March 2013, Baltimore, MD). [Invited] 

7. L. W. Martin, Domain Structures and Switching in Ferroelectric Thin Films, 12th International 
Workshop on Piezoresponse Force Microscopy and Nanoscale Electromechanics: Theory, 
Techniques, and Applications, Oak Ridge National Laboratory (March 2013, Oak Ridge, TN). 
[Invited] 

8. L. W. Martin, The Science and Engineering of Thermal-Electrical Responses of Materials, 
Department of Materials Science and Engineering Colloquium, University of California, Berkeley 
(Feb. 2013, Berkeley, CA). [Invited] 

9. L. W. Martin, Understanding the Evolution of Complex Phase Structures in Highly-Strained BiFeO3 
Thin Films, Royal Society of London, Kavli Center Meeting on Magnetoelectrics (Sept. 2012, Milton 
Keynes, England). [Invited] 
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10. L. W. Martin, Engineering New Phenomena and Functionality in Complex Oxide Thin Film 
Heterostructures, SPIE Nanoscience + Engineering, Nanoepitaxy: Materials and Devices (Aug. 
2012, San Diego, CA). [Invited] 

Year 2 

1. L. W. Martin, Unraveling the Complex Phase Evolution in Highly-Strained BiFeO3 Thin Films: 
Thickness, Temperature, and Chemical-Alloying Evolution, Villa Conference on Complex Oxide 
Heterostructures (April 2012, Orlando, FL). [Invited] 

2. L. W. Martin, Enhanced Thermal-Electrical Responses in Ferroelectric Thin Films, Département de 
Physique de la Matière Condensée Colloquium, Université de Genève (March 2012, Geneva, 
Switzerland). [Invited] 

3. L. W. Martin, Engineering Thermal-Electrical Responses in Complex Oxides: Enhanced Dielectric 
and Pyroelectric Response in Epitaxially Strained Ferroelectric Thin Films, Department of Materials 
Science and Engineering Colloquium, University of Michigan (Jan. 2012, Ann Arbor, MI). [Invited] 

4. L. W. Martin, Engineering Functional Composites: Large Electromechanical Responses in Highly-
Strained BiFeO3 Thin Films, Composites at Lake Louise (Oct. 2011, Lake Louise, Alberta, Canada). 
[Invited] 

5. L. W. Martin, Engineering New Functionalities in Materials: Large Electromechanical Responses in 
Highly-Strained BiFeO3 Thin Films, Materials Science and Technology 2011 (Oct. 2011, Columbus, 
OH). [Invited] 

6. L. W. Martin, Engineering Thermal Properties and Response of Epitaxial Oxide Thin Films for 
Advanced Devices, Workshop on Oxide Electronics (Sept. 2011, Napa, CA). [Invited] 

7. L. W. Martin, Understanding and Manipulating Defects in Complex Oxide Materials – Implications 
for Properties and Devices, HP Labs Colloquium (Sept. 2011, Palo Alto, CA). [Invited] 

8. L. W. Martin, Engineering Thermal-Electrical Responses in Complex Oxides: Enhanced Dielectric 
and Pyroelectric Response in Epitaxially Strained Ferroelectric Thin Films, Department of Materials 
Science and Engineering Colloquium, University of California, Berkeley (Sept. 2011, Berkeley, CA). 
[Invited] 

Year 1 

1. L. W. Martin, Engineering New Functionalities in Materials: Complex Oxide Thin Films and 
Nanostructures for Next Generation Devices, CNST Annual Nanotechnology and nPEAP 
Workshop (May 2011, Urbana, IL). [Invited] 

2. L. W. Martin, Pathway for Enhanced Electromechanical Response via Strain Engineering in 
Multiferroic BiFeO3 Thin Films, Villa Conference on Complex Oxide Heterostructures (April 2011, 
Las Vegas, NV). [Invited] 

3. L. W. Martin, Engineering New Functionalities in Materials: Complex Oxides for Multiferroics, 
Energy, and Beyond, Department of Materials Science and Engineering Colloquium, North 
Carolina State University (Feb. 2011, Raleigh, NC). [Invited] 

4. L. W. Martin, Engineering New Functionalities in Materials: Complex Oxides for Multiferroics, 
Energy, and Beyond, Frederick Seitz Materials Research Laboratory Colloquium Series (Feb. 
2011, Urbana, IL). [Invited] 

5. L. W. Martin, Engineering New Functionalities in Materials: Complex Oxides for Multiferroics, 
Energy, and Beyond, Department of Materials Science and Engineering Colloquium, Stanford 
University (Nov. 2010, Palo Alto, CA). [Invited] 

6. L. W. Martin, Multiferroic Heterostructures for Novel Functionalities, Materials Science and 
Technology 2010 (Oct. 2010, Houston, TX). [Invited] 

 

 

ii. Non-peer reviewed conference proceeding publications – None 
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iii. Peer-reviewed conference proceeding publications – None  

 

d. Manuscripts – None  

 

e. Books – None  

 

f. Honors and Awards  

1. Lane W. Martin, Dean’s Award for Excellence in Research, College of Engineering, 

University of Illinois (Feb. 2013) 

2. Anoop R. Damodaran, Lam Research Corporation Outstanding Graduate Student Award, 

College of Engineering, UIUC (Dec. 2012) 

3. Lane W. Martin, National Science Foundation’s Faculty CAREER Award for his proposal 

“Enhanced Pyroelectric and Electrocaloric Effects in Complex Oxide Thin Film 

Heterostructures.” March 2012 (http://engineering.illinois.edu/news/2012/02/08/martin-

receives-2012-nsf-career-award)  

 

g. Title of Patents Disclosed During Reporting Period – None  

 

h. Patents Awards During Reporting Period – None  

 

 

II. Student/Supported Personnel Metrics (Year 3 only) 

a. Graduate Students  

i. Anoop Damodaran – 20% support at 50% FTE (standard appointment for a “Full time” student at 
UIUC 

ii. Christoph Baeumer – 25% support at 50% FTE 

b. Post Doctorates  

i. Vengadesh Mangalam – 10% support at 100% FTE 

c. Faculty - None 

d. Undergraduate Students - None 

e. Graduating Undergraduate Metrics 

i. Number who graduated with degree in STEM field – 1 

ii. Number who graduated and will continue to pursue a graduate or Ph.D. in STEM field – 1 

iii. Number who achieved a 3.5 GPA to 4.0 – 2 

iv. Number funded by a DoD funded Center of Excellence grant for Education, Research, and 
Engineering – 0  

v. Number who intended to work for the Department of Defense – 0 

vi. Number who will receive scholarships or fellowships for further studies in STEM – 1 
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f. Masters Degrees Awarded – 1 

g. Ph.D.s Awarded – 0 

h. Other Research Staff – N/A 

 

III. Technology transfer” (any specific interactions or developments which would constitute 
technology transfer of the research results). Examples include patents, initiation of a start-up 
company based on research results, interactions with industry/Army R&D Laboratories or 
transfer of information which might impact the development of products. 

None 

 

IV. Scientific Progress and Accomplishments (description should include significant theoretical or 
experimental advances) 

During this period, we have continued our effort on the synthesis, fabrication, and characterization of thin-
film multiferroic materials and devices. The work in this period was more broadly focused as compared to 
previous years and I will briefly highlight a number of the major findings and accomplishments. We also 
recap, briefly, the highlights from prior years. 
 
Year 3 

 
Among the most exciting accomplishments was the study of compositionally-graded thin film 
heterostructures as a way to access enhanced pyroelectric/electrocaloric response while reducing dielectric 
losses in materials. In particular we explored compositionally-graded versions of the canonical ferroelectric 
material PbZr1-xTixO3 where we were able to smoothly graded the chemistry from x = 0.2 to 0.8 and from 
0.8 to 0.2. The resulting films possessed coherently strained structures with extremely large strain gradients 
(>105 m-1) – nearly 5-6 orders of magnitude larger than what can be achieved in bulk-versions of materials. 
These large strain gradients gave rise to unexpected crystal and domain structure (including Zr-rich 
versions of PbZr1-xTixO3 which should have rhombohedral symmetry possessing tetragonal crystal and 
domain structure) as well as exotic dielectric and ferroelectric properties (including the presence of built-in 
potentials that shifted the ferroelectric hysteresis loops along the horizontal field axis and quenched 
dielectric response). Ultimately we were able to show that the strain gradient couples to the polarization via 
a so-called flexoelectric effect and that this gives rise to the interesting properties. This is important for this 
program since we observed that the pyroelectric coefficient of these materials was maintained at large 
values while the built-in potential quenched extrinsic (domain wall) contributions to permittivity thereby 
lowering it below single-crystal, single-domain samples. This, in turn, gives rise to an increase of the figures-
of-merit for pyroelectric energy conversion of waste heat and electrocaloric solid state cooling. This resulted 
in two publications (R. V. K. Mangalam, et al., ACS Appl. Mater. Interfaces 5, 13235 (2013) and R. V. K. 
Mangalam, et al., Adv. Mater. 25, 1761 (2013)). 
 
At the same time, our work on ferroic materials enabled us to make significant contribution to the 
understanding of domain wall or so-called extrinsic contributions to dielectric and pyroelectric responses in 
materials. In particular, using a combination of phenomenological Ginzburg-Landau-Devonshire modeling 
(developed for polydomain, 3D systems in our group), advanced thin-film synthesis, and cutting-edge 
characterization, we were able to show 1) that by controlling domain structures in ferroelectric thin films 
(namely the density and type of domain walls) along with the relative thermal expansion mismatch between 
film and substrate we can dramatically tune and engineer the pyroelectric response of materials and 2) by 
engineering high-density domain structures (namely in (111)-oriented films) we were able to (for the first 
time) directly probe a so-called stationary contribution that arises from the volume of the material within the 
domain wall without need for the domain to move. These works resulted in two publications (J. Karthik, et 
al., Phys. Rev. Lett. 109, 257602 (2012) and R. Xu, et al., Nature Commun. 5, 3120 (2014)). 
 
Finally our work on ferroic and multiferroic materials has enabled a number of collaborations and wide-
ranging impacts. This includes work on probing in situ switching and electrical field dependence of 
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multiferroic materials in dynamic TEM studies (C. R. Winkler, et al., J. Appl. Phys. 112, 052013 (2012)) and 
a combined TEM, magnetism, and neutron study of the thickness-dependent crossover from charge- to 
strain-mediated magnetoelectric coupling in La0.7Sr0.3MnO3 / PbZr0.2Ti0.8O3 thin film heterostructures (S. R. 
Spurgeon, et al., ACS Nano 8, 894 (2014)) with colleagues at Drexel University. In a similar vein, we were 

able to finalize long-standing work on the ultrathin limit of exchange bias coupling at oxide 
multiferroic/ferromagnetic interfaces together with a range of collaborators (M. Huijben, et al., Adv. Mater. 
25, 4739 (2013). Finally, we leveraged our expertise in ferroelectrics to impact in new directions by working 
with colleagues to demonstrate tunable carrier type and density in graphene/PbZr0.2Ti0.8O3 hybrid structures 
through ferroelectric switching that might have potential for novel-logic and memory applications (C. 
Baeumer, et al., Nano Lett. 13, 1693 (2013)). 

 

Year 2 

 
Year 2 was highlighted by two manuscripts published by the lead student on this program and other 
involvement of this program in a large number of papers. Considerable effort was focused on the study of 
highly-strained varieties of the multiferroic BiFeO3. In particular, we studied the temperature- and thickness-
dependent structural and morphological evolution of strain induced transformations in highly-strained 
epitaxial BiFeO3 films deposited on LaAlO3 (001) substrates. Using high-resolution X-ray diffraction and 
temperature-dependent scanning-probe-based studies we observed a complex temperature- and 
thickness-dependent evolution of phases in this system. A thickness-dependent transformation from a 
single monoclinically distorted tetragonal-like phase to a complex mixed-phase structure in films with 
thicknesses up to ~200 nm is the consequence of a strain-induced spinodal instability in the BiFeO3/LaAlO3 
system. Additionally, a breakdown of this strain-stabilized metastable mixed-phase structure to non-
epitaxial microcrystallites of the parent rhombohedral structure of BiFeO3 was observed to occur at a critical 
thickness of ~300 nm. We further proposed a mechanism for this abrupt breakdown that provides insight 
into the competing nature of the phases in this system. This paper provided the first study of the mechanism 
of mixed-phase formation in this exciting materials system (Damodaran et al., Phys. Rev. B, 2012). From 
here, we continued on to utilize chemical-alloying to stabilize the mixed-phase structure of highly-strained 
epitaxial BiFeO3/LaAlO3 (001) heterostructures. Such mixed-phase structures are essential for the large 
electromechanical responses (4-5% strains under applied electric field); however, films with thickness 
exceeding 250 nm undergo an epitaxial breakdown to a non-epitaxial bulk-like rhombohedral-phase. Such 
an irreversible transformation of the mixed-phase structure limits the magnitude of the net surface 
displacement associated with these field-induced phase transformations. Using high-resolution X-ray 
diffraction reciprocal space mapping and scanning-probe-based studies, we showed that chemical-alloying 
of BiFeO3 thin films can stabilize these mixed-phase structures and delay the onset of epitaxial breakdown 
in fill up to at least 500-600 nm (Damodaran et al., Appl. Phys. Lett., 2012).  
 
Year 1 
 
The work in Year 1 primarily focused on the study of the complex structural evolution of strain-induced 
structural phase transitions in BiFeO3 (BFO). We were able to uniquely identify and examine the numerous 
phases and phase boundaries and discovered a new intermediate monoclinic phase in addition to the 
previously observed rhombohedral- and tetragonal-like phases of BFO. Further analysis has also 
determined that the so-called mixed-phase regions of these thin films are not mixtures of rhombohedral- 
and tetragonal-like phases, but intimate mixtures of highly-distorted monoclinic phases with no evidence 
for the presence of the rhombohedral-like parent phase in these regions. Finally we propose a probable 
mechanism for the enhanced electromechanical response (4-5%) in these films including how these phases 
interact at the nanoscale to produce large surface strains (Damodaran et al., Adv. Mater. 2011). 
 

 

V. (5) “Copies of technical reports,” which have not been previously submitted to the ARO, should be 
submitted concurrently with the Interim Progress Report. (See page 6 “Technical Reports” section for 
instructions.) However, do not delay submission while awaiting Reprints of publications. 

See below – Year 3 publications only (prior years have been submitted previously). 



Accessing intermediate ferroelectric switching regimes with time-resolved
transmission electron microscopy
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(Received 1 March 2012; accepted 11 July 2012; published online 4 September 2012)

BiFeO3 (BFO) is one of the most widely studied magneto-electric multiferroics. The magneto-

electric coupling in BiFeO3, which allows for the control of the ferroelectric and magnetic domain

structures via applied electric fields, can be used to incorporate BiFeO3 into novel spintronics

devices and sensors. Before BiFeO3 can be integrated into such devices, however, a better

understanding of the dynamics of ferroelectric switching, particularly in the vicinity of extended

defects, is needed. We use in situ transmission electron microscopy (TEM) to investigate the

response of ferroelectric domains within BiFeO3 thin films to applied electric fields at high

temporal and spatial resolution. This technique is well suited to imaging the observed intermediate

ferroelectric switching regimes, which occur on a time- and length-scale that are too fine to study

via conventional scanning-probe techniques. Additionally, the spatial resolution of transmission

electron microscopy allows for the direct study of the dynamics of domain nucleation and

propagation in the presence of structural defects. In this article, we show how this high resolution

technique captures transient ferroelectric structures forming during biasing, and how defects can

both pin domains and act as a nucleation source. The observation of continuing domain

coalescence over a range of times qualitatively agrees with the nucleation-limited-switching model

proposed by Tagantsev et al. We demonstrate that our in situ transmission electron microscopy

technique is well-suited to studying the dynamics of ferroelectric domains in BiFeO3 and other

ferroelectric materials. These biasing experiments provide a real-time view of the complex

dynamics of domain switching and complement scanning-probe techniques. VC 2012 American
Institute of Physics. [http://dx.doi.org/10.1063/1.4746082]

I. INTRODUCTION

Ferroelectrics are a key class of materials for a variety of

applications ranging from piezoelectric sensors and actuators,

to non-volatile random-access memories, to solar energy con-

version.1–6 Recently, much research has focused on a sub-

group of ferroelectrics that also possess magnetic properties

(so-called multiferroic materials), which provide researchers

with additional functional properties. Although there has been

considerable attention given to multiferroism in materials,

such as BiFeO3 (BFO), it is a very rich and complex system

and much remains to be learned about the fundamental nature

of domain dynamics in this (and other multiferroic and ferro-

electric) systems. In particular, it is important to better under-

stand the factors that control and allow for the deterministic

manipulation of ferroelectric switching and, in turn, magnetic

order in such materials. Thus, the study of the temporal

response of ferroelectric domains to external fields in multifer-

roics is vitally important for implementation of these materials

into a range of applications. An improved understanding of

the coupling processes under electric fields in these materials

can help to predict and mitigate failures, which will aid in the

development and optimization of future devices. This paper

describes a method of in situ transmission electron micros-

copy (TEM) that reveals the fundamental processes associated

with domain switching in multiferroic devices based on BFO

at short temporal and spatial scales.

A ferroelectric domain can be defined as a region in

which electric polarization is aligned along one of the ener-

getically favored orientations, separated from other regions

by domain walls.7 Depending on the sample size (or thick-

ness in thin films), domains can range from a few tens of

nanometers in width to as large as the device itself.8 The

speed of domain wall motion is limited by the speed of

sound in the material9 and thus the dynamics of domain wall

motion can range from picoseconds to milliseconds. Under-

standing this motion is crucial to the development of future

devices. In general, domain switching begins when an elec-

tric field is applied and nuclei of switched polarization form

at surfaces or on domain walls.10 A general description of

the domain switching process can be described in three key

steps:8,11 (a) reversed polarization nucleus formation, (b)

growth of this nucleus parallel to the electric field direction,

and then (c) lateral growth in the plane perpendicular to the

electric field direction. Despite considerable work investigat-

ing domain switching in devices, limited dynamic imaging

of this process has been completed. In situ techniques are

ideally suited to investigating the validity of the different

models of domain kinetics.

a)Author to whom correspondence should be addressed. Electronic mail:

mtaheri@coe.drexel.edu.
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The Kolmogorov-Avrami-Ishibashi (KAI) model is typi-

cally used to describe the kinetics of domain switching in

both bulk and microscale ferroelectrics. The KAI model

assumes the presence of random, independent nucleation

sites from which, under an applied field, domains grow

unhindered until the point of coalescence, whereupon these

coalesced domains undergo lateral expansion as described in

the third step above. As device geometries shrink into the

nanoscale regime, it is found that the kinetics of ferroelectric

switching in these smaller geometries can deviate from the

KAI model.12,13 Taganstev et al. have developed a new

model, the nucleation-limited-switching (NLS) model, which

better fits the switching kinetics of thin-film devices and

nanoscale ferroelectric capacitors.14 Briefly, the NLS model

divides a ferroelectric device into separate regions, referred

to as “elementary regions,” and in each region independent

domain nucleation can occur. An elementary region is con-

sidered switched when a domain of reverse polarization is

nucleated within that region. As a consequence, the NLS

model effectively treats ferroelectric switching as

nucleation-limited, hence the name of the model. The fact

that the ratio of nucleation sites – defects, domain walls,

electrode interfaces – to nuclei per unit volume increases

with shrinking device geometries may be one qualitative rea-

son for the applicability of the NLS model over the KAI

model in nanoscale systems. Thus, it is important to directly

observe domain nucleation and propagation in real device

systems as in this paper.

A myriad of techniques have been used to study do-

main switching behavior in ferroelectric materials.15–27 One

of the most notable techniques is piezoresponse force mi-

croscopy (PFM), which has given great insight into the na-

ture of polarization switching in ferroelectric materials,

including studies of nucleation at free surfaces18 and in ca-

pacitor structures,19 nucleation mechanisms, and domain

wall dynamics.20 Recent PFM experiments revealed the

ability to directly observe domains in multiferroics and to

control their switching behavior using electric fields.16–20

Switching studies in PFM have focused mainly on imaging

before and after switching and the details of the ferroelec-

tric domain evolution during application of the field remains

to be understood. This represents one of the limitations of

PFM and other scanning-probe-based techniques in provid-

ing information on switching in these materials. Others lim-

itations include (1) limited spatial resolution stemming

from the fact that tip diameters are typically tens of nano-

meters in width, (2) slow scanning speed which makes

direct measurement of kinetics difficult and renders probing

processes at short time scales essentially impossible, and

(3) near-surface sensitivity and information that arises from

the fundamental nature of the scanning-probe process. It

should be noted that recent advances in pulse train-based

studies have improved the time resolution of scanned-

probed-based studies,28,29 but many uncertainties remain

about intermediate processes that occur during switching,

domain nucleation mechanisms and propagation kinetics,

and domain-defect interaction, and this information is

essential to better quantify domain dynamics in ferroelectric

and multiferroic materials.

To overcome such limitations in temporal resolution

when studying domain dynamics, researchers have used

time-resolved photoemission electron microscopy (PEEM).

In PEEM, excitation by polarized x-ray synchrotron radia-

tion tuned to atomic absorption edges leads to the emission

of secondary electrons at the sample surface, which are used

to make an image of the sample.30–33 It has been demon-

strated that PEEM is capable of probing domain dynamics at

nanosecond time resolution and sub-micron spatial resolu-

tion.32,33 However, in general PEEM is unable to probe

length scales less than 20–50 nm (Ref. 30) (although recent

developments suggest that 10 nm spatial resolution is possi-

ble for some applications at the PEEM3 facility at the

Advanced Light Source, Lawrence Berkeley National Labo-

ratory30). Thus, the two most widely used techniques to

probe domain switching have crucial limitations in spatial

(PEEM and PFM) and temporal (PFM) resolution. It should

be noted that scanning nonlinear dielectric microscopy

(SNDM) is another probe-based technique which is sensitive

to minute changes in the nonlinear dielectric constant

induced by spontaneous polarization. The spatial resolution

of the technique is comparable or better to that of PFM

though the temporal resolution suffers because of the need to

scan a probe as in PFM.31

At the same time, there have been remarkable advances

in electron microscopy that have direct implications for the

study of these materials, especially in the field of in situ
TEM.24–27,34 In situ TEM is a strong candidate to investigate

domain switching phenomena over a critical spatial and tem-

poral range. For the sake of comparison to the aforemen-

tioned techniques, Figure 1 maps the temporal and spatial

resolution limits of PFM and PEEM, together with various

contemporary in situ TEM techniques. The asterisk next to

“PFM” denotes an acknowledgement that the use of pulse

trains is currently being studied to improve temporal resolu-

tion of the technique.28,29 It should also be noted that

although Lorentz TEM and off-axis electron holography

techniques35–37 are useful tools for probing magnetization re-

versal in magnetic structures as a function of applied mag-

netic field, such techniques still have a number of major

limitations. One issue is that the low-field objective lenses

FIG. 1. Spatial and temporal resolution limits for techniques used to probe

domain structures and dynamics. Note: this is not an all-inclusive list but

compares methods discussed in this article. Asterisk denotes recent work on

improving PFM spatial and temporal resolution.38,39
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used for magnetic imaging have higher aberration coeffi-

cients than standard TEM lenses; thus, instead of a standard

TEM’s spatial resolution limit of less than 1 nm, the resolu-

tion limit in magnetic imaging is roughly 5–10 nm.36 Using

conventional lenses with in situ TEM has proven to be an

effective method for understanding domain dynamics in fer-

roelectric materials,24–27 however, and this is the focus of

this paper.

Until the advent of in situ TEM, it had not been possible

to directly observe the motion of domain walls, including wall

velocity and shape change, with high spatial and temporal re-

solution. There has existed a gap between experiment and

simulation due to a lack of techniques to probe fine details at

high enough temporal resolution, while the computational

cost of simulations that incorporate large enough cell sizes to

perform grain scale studies on domain wall propagation are

often prohibitively costly or must forgo inclusion of atomistic

details.10 A step toward closing this gap is taken in this work

by using a dynamic electron microscopy technique that spans

multiple time scales while maintaining high spatial resolution.

Such resolution is needed to observe microstructural features,

such as line defects. It has long been known that these defects

directly impact ferroelectric response because they can inter-

act with domain walls. For example, dislocations can block

domain wall motion and they can also serve as sites for do-

main switching nucleation.38–40 The results described in this

paper present a foundation for developing a fundamental

understanding of the ferroelectric domain evolution under

electrical bias. This work employs an in situ TEM method

that has advantages over the aforementioned techniques in

that the ability to view intermediate stages will allow us to

move forward in our understanding of the evolution of

domains in this new class of materials.

Initial in situ biasing tests have demonstrated that the

method presented herein for studying ferroelectric domain

switching in multiferroic BFO structures is realistic for

accessing domain dynamics with improved temporal and

spatial resolution over traditional techniques. The results are

comparable with those produced by PFM, yet the superior

temporal resolution of this in situ technique permits study of

the intermediate behaviors involved in ferroelastic switching.

For example, our recent publication introducing these

results42 shows that we observed behavior that loosely fol-

lows the aforementioned three key steps of domain switching

behavior: (1) the nucleation of a reversed polarization do-

main, (2) domain propagation parallel to the electric field

direction, and (3) lateral domain growth perpendicular to the

electric field direction. In this paper, we explore the use of

this technique to study specific aspects of switching mecha-

nisms with high temporal and spatial resolution. The ability

to access intermediate steps in the switching process with

this technique allows for comparison to theoretical models.

II. EXPERIMENTAL

Domain switching behavior was observed using in situ
TEM. The experiments were performed using a biasing

holder (Hummingbird Scientific
TM

, Lacey, WA) to probe the

response of ferroelectric domains in BFO films and device

structures. A DC bias was applied through a set of epitaxial

in-plane electrodes, thereby enabling control of ferroelectric

switching in the sample. Domain wall nucleation and move-

ment were captured using digital streaming video at 30 Hz

(0.033 s time resolution), at both low and high magnifica-

tions, and this information will be analyzed to measure do-

main kinetics and nucleation energies.

BiFeO3(BFO)/SrRuO3(SRO)/SrTiO3(STO) (001) heter-

ostructures were prepared using pulsed-laser deposition.

Because of the geometric limitations of the TEM, the struc-

tures to be studied by in situ TEM were engineered to emu-

late cross-sectional capacitor structures common to device

applications. Specifically, the samples were prepared by

growing an epitaxial layer of the electrode material SRO

(generally 25–100 nm), followed by a lithography and preci-

sion ion-milling step to define the complex planar-electrode

structure (Figure 2(a)). A second growth run produced an

epitaxial layer of BFO on top of the device structure which

is omitted from Figure 2 for clarity. The structures consisted

of 35–100 nm thick BFO films grown on substrates of STO

(001) with planar SRO electrodes, permitting the application

of in-plane electric fields. The distance between the SRO

electrodes in this study is �4 lm but can be varied during

the lithography process. Samples were grown such that the

ferroelectric polarization of the BFO film is downward

(towards the substrate) pointing, reducing the number of

unique polarization vectors from eight to four (Figure 2(b)).

The number of unique ferroelastic domains remains four in

this configuration.

The imaging under electrical biasing was performed in a

plan-view geometry as illustrated in Figure 2. The field of

view during the TEM experiments was concentrated within

the two “trenches” milled between the SRO electrodes (Figure

2(c)). In order to have a uniform electric field, the samples are

thinned uniformly using a focused ion beam (FIB), ensuring a

flat surface of BFO between the SRO planar electrodes. To

FIG. 2. BFO device geometry for in situ biasing. (a) Plan view of device

looking down the [001] direction showing the patterned SRO electrodes

(green) and BFO trenches between them (blue). (b) A magnified view of the

boxed region in (a) which illustrates the direction of the applied electric

field, principal crystallographic directions, and the projection of the ferro-

electric (arrows) and ferroelastic (rhombi) domains in the BFO trench. (c)

Isometric front view of same BFO device. Samples are tripod polished to

remove most of the bulk STO and then electron transparent channels are

milled underneath the BFO trenches using FIB.
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ensure that the configuration of the sample was controlled, the

samples are prepared using a combination of tripod polishing

and FIB milling techniques. Care was taken during FIB mill-

ing to ensure minimal sample damage (it should be noted that

the FIB milling occurred from the back (substrate side) of the

sample which minimized damage to the BFO layer). During

TEM experiments, the samples were biased, and simultane-

ously imaged using digital streaming video.

Our experimental setup is advantageous because it ena-

bles real-time monitoring of an entire device structure during

in situ operation, and because ferroelectric switching is

accomplished via the use of in-plane electrodes. In-plane

electrodes eliminate the sample surface-probe tip barrier

present in experiments using scanning probes to initiate fer-

roelectric switching. This eliminates ambiguities associated

with tip shapes and non-linear electric fields away from the

tip center. Additionally, in-plane electrodes eliminate the

out-of-plane depolarizing fields generated at the film and

bottom conductive layer interface. These depolarizing fields

introduce an internal bias which strongly affects switching

behavior, and such internal fields can be difficult to quantify.

The large field of view permits the simultaneous observation

of all ferroelectric domains within the volume of a device,

and the real-time interaction of domains with other domains,

nuclei and dislocations under bias. For the studies reported

here, voltages between 45 and 100 V were applied between

the electrodes, resulting in applied electric field strengths of

approximately 115 and 250 kV cm�1. The results of a few

key biasing experiments are discussed in Sec. III.

III. RESULTS AND DISCUSSION

To test the feasibility of repeated switching experiments

in the TEM, static bright field images were first taken to

determine the ability to see domains. A comparison is shown

in Figure 3, where Fig. 3(a) is a TEM image of the domains

already examined by PFM (Fig. 3(b)). Figures 3(a) and 3(b)

both show stripe-like domains containing four ferroelectric

variants, which represent the domain configuration that was

studied in this work. These stripe domains are primarily sep-

arated by so-called 71� domain walls, which lie on {101}

planes.41 The domain walls are thus inclined 45� with respect

to the [001] zone axis.

Processes such as heterogeneous domain nucleation

from existing domain walls, relaxation behavior of individ-

ual domains, and defect-domain interactions were observed

during in situ biasing experiments. These events are clearly

seen in Figure 4, which reveals the ability to view domain

switching and defect-domain interactions in BFO, which is

not possible with other characterization methods. The image

sequence in Figure 4 highlights intermediate stage events,

such as domain wall collisions (Fig. 4(b), right-hand side of

Fig. 4(c), and the domains highlighted in purple and yellow

in Figs. 4(e) and 4(f)), domain wall-dislocation interactions

(Fig. 4(b), at the dislocation network on left of Fig. 4(c), and

in the domains nucleating on dislocations highlighted in red

in Figs. 4(c) and 4(f)), nucleation (Fig. 4(b), the domains

nucleating at the top middle as well as on the dislocation net-

work in Fig. 4(c), and the nuclei highlighted in red in

FIG. 3. Comparison of a BF TEM images

(a) and an in-plane phase PFM image (b),

revealing the ability of TEM to probe

domains.

FIG. 4. A sequence of bright field TEM images taken during in situ biasing of a BFO device structure at þ45 V (115 kV/cm). Crystallographic and electric field

directions are indicated lower left. “Pre” and “Post,” indicated as t¼ 0 and t¼ 5 s, denote the domain morphology before the field was applied and 5 s after the

field was turned off, respectively. Images from 166 ms (b) and 566 ms (c) are selected frames extracted from the in situ video. Images (e)-(g) contain colored

overlays (color online) to guide the eye in viewing the many changes in domain morphology during switching events.
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Figs. 4(e) and 4(f)), relaxation (Figs. 4(d) and 4(g) and also

note the absence of the nucleated and propagated domains in

Figs. 4(b) and 4(c)) that had not yet been observed or imaged

by other methods. These results confirm that in situ TEM

methods are useful for studying domain switching events

and quantifying kinetic behavior as a function of microstruc-

tural features, such as dislocations, point defect clusters, and

other domain walls. The way in which this behavior affects

critical events, such as domain relaxation, is explored in

great detail in Ref. 40.

There is clear evidence of domains nucleating on the

dislocation network formed at the junction between the elec-

trode and the BFO trench in Figure 4. However, the same fig-

ure also shows domains nucleating in an area with no visible

extended defects. In light of the non-cooperative domain

behavior seen in Figure 4, one can infer that domain wall-

defect interactions beyond those directly visible are taking

place. Specifically, domains may be nucleating at point

defect clusters in the local vicinity. These initial experiments

demonstrate the ability to see microstructural features (e.g.,

line defects) beyond domain walls is possible using in situ
TEM. Despite the inability to see individual point defects,

the imaging capabilities shown here provide a foundation for

studies involving strain fields from any line defects that are

present in the sample.

The newly nucleated domains shown in Figures 4(b) and

4(c) are grouped and divided into four different regions, as

shown in Figure 5(a). Region I is comprised of three individ-

ual nuclei, highlighted with blue overlay, which form on the

electrode edge and within a network of dislocations present

within that film-electrode interface. Region II also contains

three nuclei, red overlay, though the largest element appears

to be a cluster of coalesced nuclei. Region III includes two

domains, green overlay, one of which is a small nucleus and

the other a larger domain which nucleated and propagated

off the domain wall of the nearby preexisting domain.

Region IV is composed of a single, large domain, purple

overlay, which has also nucleated and propagated off a pre-

existing domain wall. The projected domain area for each of

the individual domains in all four regions was calculated

using an edge finding algorithm to identify domain bounda-

ries. Domain areas were calculated for each frame for which

the voltage pulse is applied in the acquired in situ video. A

plot of domain areas versus time, grouped by region, is

shown in Figure 5(b).

This plot reveals a few clear trends: First, all four

regions experience a collective increase in domain area ver-

sus time for the first 300 ms of the applied voltage pulse. Af-

ter this period, competition between neighboring domain

regions, namely, domain region II versus regions III and IV,

prohibits domains in region II from expanding further, and

even causes domain contraction. Essentially, domains in

region II are pinned between the expanding domains in

regions III and IV. The nature of this competition is appa-

rently dominated by electrostatic effects, as the domains can

be seen to actively repulse one another when driven into

interaction by the applied field. One explanation of this

repulsion is that it is driven by the formation of head-to-head

and tail-to-tail domain walls configurations between the vari-

ous nucleated and propagated domains. These charged do-

main walls are temporarily supported by the applied electric

field and the removal of the field corresponds with the col-

lapse of these transient domain structures. Despite the inter-

region repulsive effects, some domains within a specified

region are observed coalescing in the intermediate video

frames. Domain areas in Region I are not limited in their

expansion like those of the other three regions and are

observed to continuously grow and expand versus time. This

FIG. 5. Domains shown in Figure 4 are grouped into four different regions (a) and the cumulative domain areas in each of the four regions versus time are plot-

ted (b). Region I is comprised of domains (blue highlight) nucleating at the electrode edge and along the network of existing dislocations. Region II includes a

larger cluster of nuclei and two smaller, individual nuclei (red highlight). Region III consists of one small nuclei and one larger domain (green highlight). The

larger domain in region III has nucleated and propagated off an existing domain wall. Region IV is composed of a single, large domain which has also

nucleated and propagated from an already present domain wall (purple highlight).
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growth is likely due to the effects of the dislocation network,

which can lower the local coercive field of the BFO film, and

domain coalescence which is visible in Figures 4(c) and 4(f).

Two of the three domains in this region coalesce into one

larger domain, and it appears that each domain is pinned by

a nearby dislocation, behavior which is consistent with

theory.

The intermediate processes observed by this experimen-

tal technique qualitatively agree with the NLS model. Upon

application of an electric field, many different nuclei are

observed through the volume of the film. While these nuclea-

tion events occur on orders of magnitude smaller time scales

than the temporal resolution of this in situ technique, the

observed morphologies of these nuclei are indicative of their

evolution. For example, while some of the nuclei are small

and circular (in projection), for example, the domains in

region I, and the two smaller domains in region II, the large

domain in region II is clearly composed of many different

nuclei that have coalesced into a single domain. During the

duration of the applied pulse, further coalescence of nuclei is

observed. The evolving coalescence is consistent with the

broad ferroelectric switching times distribution suggested by

the NLS model. Repulsion and other interactions prohibit

any single reversed polarity domain from unrestrictedly

expanding throughout the volume of the region observed,

though certain types of intrinsic defects can act as nucleation

sites. While the experimental evidence suggests the treat-

ment of ferroelectric thin-film devices as ensemble regions,

each exhibiting a broad range of switching times, further ex-

perimental work over different time scales and ranges is nec-

essary to confirm the NLS model of ferroelectric switching

in thin films. It is clear that while our early results presented

in this paper favor neither model perfectly, the experimental

technique we use serves as an excellent means of validating

models of ferroelectric domain switching and will aid in

future predictive materials development in the area of ferro-

electric device applications.

The experiments presented in this paper are challenging

on many fronts. One major area of difficulty is sample prepa-

ration. We have observed that FIB-only preparation could

leave a large amorphous layer on the surface of the sample,

preventing ultra-high resolution imaging. Using low accelerat-

ing voltage milling in the FIB and post-FIB low energy argon

ion milling can minimize the thickness of this amorphous

layer. A second challenge to be addressed in this work is the

development of improved voltage control for in situ studies.

As is common with any electrical biasing study of ferroelec-

trics, the infinite voltage ramp rate and lag-time have been

shown to provide confusion and make it difficult to correlate

distinct aspects of the nucleation and switching mechanism in

the most optimal time-resolved manner. Improved electronics

can alleviate this issue for future experiments. An improve-

ment in the imaging speed of TEM cameras would be a major

boon to these experiments, as well as to the entire field of in
situ electron microscopy. An increase in temporal resolution

brought on by faster than TV rate cameras would allow for

improved imaging of domain propagation and help bridge the

time resolution gap between standard in situ TEMs and other

ultrafast techniques, such as the dynamic TEM (DTEM) tech-

nique, which is able to access nanosecond time scales with

nanometer spatial resolution.41,43–47

IV. CONCLUSIONS

A need exists to advance our fundamental understanding

of the mechanisms by which defects, surfaces, and interfaces

influence the properties and behavior of materials, including

ferroelectrics and multiferroics. This need challenges us to de-

velop an understanding of the surfaces and interfaces in mag-

netoelectrically coupled device architectures in electric fields.

Meeting this challenge will require a quantitative multiscale

approach that addresses microstructure dependence of electri-

cally driven processes and will provide a foundation for pre-

dictive materials development. This paper presents a

significant leap toward the development of a fundamental

understanding of the microstructural mechanisms in electric

field control of ferroelectric and multiferroic materials. This

information can be compared to molecular dynamics and sto-

chastic models to test and enhance accepted theories of nucle-

ation and growth and enables us to understand how the

presence of defects and localized compositional changes play

a role in domain wall motion behavior during electric field

control of future devices. The techniques and instrumentation

presented in this paper can be extended to investigate the

nanoscale properties of other important classes of materials,

such as piezoelectrics, pyroelectrics, and ferroelastics.
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We have investigated the contribution of 90� domain walls and thermal expansion mismatch to

pyroelectricity in PbZr0:2Ti0:8O3 thin films. The first phenomenological models to include extrinsic and

secondary contributions to pyroelectricity in polydomain films predict significant extrinsic contributions

(arising from the temperature-dependent motion of domain walls) and large secondary contributions

(arising from thermal expansion mismatch between the film and the substrate). Phase-sensitive pyroelec-

tric current measurements are applied to model thin films for the first time and reveal a dramatic increase

in the pyroelectric coefficient with increasing fraction of in-plane oriented domains and thermal expansion

mismatch.
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Pyroelectricity, the temperature dependence of sponta-
neous polarization in ferroelectrics, enables a variety of
devices [1–3] which utilize the pyroelectric current or
voltage developed in response to temperature fluctuations.
Traditionally, these systems relied on bulk materials, but
future nanoscale devices will increasingly require
ferroelectric thin films. Reducing the dimensions of ferro-
electrics increases their susceptibility to size- and strain-
induced effects. In this spirit, thin-film epitaxy has been
developed to provide a set of parameters (e.g., film com-
position, epitaxial strain, electrical boundary conditions,
and thickness [4,5]) that allow for precise control of ferro-
electrics and has been instrumental in understanding di-
electric and piezoelectric effects. However, measuring the
pyroelectric response of thin films is difficult and has
restricted the understanding of the physics of pyroelectric-
ity, prompting some to label it as ‘‘one of the least-known
properties of solid materials’’ [6].

In general, the pyroelectric properties of a ferroelectric
under short-circuit conditions are affected by three contri-
butions: intrinsic, extrinsic, and secondary. The intrinsic
contribution arises from a temperature-dependent change
in the polarization in the bulk of a ferroelectric domain.
The extrinsic contribution arises from the temperature-
dependent movement of domain walls in a polydomain
state. The sum of these two coefficients is referred to as
the primary pyroelectric coefficient. Since pyroelectric
materials are also piezoelectric, thermal expansion results
in pyroelectricity which is referred to as a secondary con-
tribution. In thin-film samples, this secondary contribution
is related to the difference in thermal expansion between
the film and substrate [7]. In general, one might expect the
extrinsic effect to be qualitatively analogous to the domain
wall contributions observed in dielectric and piezoelectric
properties;[8,9] however, recent theoretical work [10] sug-
gests that extrinsic contributions to pyroelectricity are

actually qualitatively different and can be large in magni-
tude (comparable to intrinsic contributions). Such obser-
vations remain experimentally unstudied. On the other
hand, the effect of thermal expansion mismatch is gener-
ally ignored for dielectrics and piezoelectrics as the sample
is assumed to remain at a constant temperature and little
experimental work has been completed on this contribution
to pyroelectricity.
As noted, experimental limitations have restricted wide-

spread study of pyroelectricity in thin films. Most mea-
surement techniques were developed to probe bulk
ceramics or single crystals, including laser induced heating
[11] and constant ramp-rate heating induced current mea-
surements [12]. These techniques are adequate to identify
pyroelectricity or to estimate the pyroelectric coefficients
of large samples, but lack precision as a consequence of
poor temperature accuracy, nonuniform heating, and con-
tributions from thermally stimulated currents [13].
Regardless, these techniques have been applied, with
limited success, to characterize thin films [14–17]. Phase-
sensitive techniques [18,19] overcome some of these limi-
tations and provide an accurate measure of pyroelectricity.
This method is, however, difficult to implement on small-
area (<200 �m diameter) thin-film ferroelectric capaci-
tors whose pyroelectric current can be small (�100 fA for
dT=dt ¼ 1� 10 K=min .). To our knowledge, pyroelec-
tric measurements using a phase-sensitive technique have
not been reported on such thin-film capacitors. It is these
measurement limitations that have, in turn, limited a
deeper understanding of pyroelectricity.
Using a combination of thin-film epitaxy, phase-

sensitive, low-noise variable temperature electrical mea-
surements, and Ginzburg-Landau-Devonshire (GLD)
models, we investigate the intrinsic, extrinsic, and second-
ary contributions to pyroelectricity in polydomain
PbZr0:2Ti0:8O3 films. Extrinsic and secondary contributions
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are found to greatly impact pyroelectricity near room
temperature—with the pyroelectric coefficient increasing
by 25%–50% with increasing fraction of in-plane oriented
domains and thermal expansionmismatch. In the remainder
of this Letter we develop a framework to understand the
various contributions to pyroelectricity.

Ferroelectric materials form complex domain structures
to minimize electrostatic and elastic energies [20,21]. In
films of tetragonal ferroelectrics such as PbZr0:2Ti0:8O3,
these interactions result in the formation of c and a
domains (with their tetragonal axes along or perpendicular
to the substrate normal, respectively) that are separated by
90� domain walls (c=a=c=a structure). The volume frac-
tion of the c and a domains at any temperature can be
controlled by modifying the elastic boundary conditions
via epitaxial strain [22–24]. Large compressive strains
reinforce tetragonality and form monodomain, c-axis ori-
ented structures. Decreasing compressive strain (or
increasing thickness) results in a strain driven relaxation
to the c=a=c=a structure where the fraction of the in-plane
oriented a domains increases until, at a critical tensile
strain, the entire film transforms to an in-plane oriented
a1=a2=a1=a2 structure.

Here the thermodynamic properties of these films are
calculated using a polydomain GLDmodel that for the first
time includes both extrinsic contributions arising from
temperature-dependent domain wall movement and sec-
ondary contributions arising from thermal expansion mis-
match with the substrate [10,22,23]. It has been shown that
in the case of thick ferroelectric films with dense domain
structures (such as those studied herein) that the polariza-
tion and stress fields can be assumed to be homogeneous
within each domain thereby greatly simplifying the com-
plexity of the models [22,25,26]. A complete discussion of
the GLD functional, the boundary conditions, and the
equations of state are provided in the Supplemental
Material [27]. The pyroelectric coefficient along the

[001] can be defined as �3 ¼ dhP3i
dT , where hP3i ¼ �cPs,

�c is the volume fraction of the c domains, and Ps is the
spontaneous polarization. The total pyroelectric coefficient

can be expressed as �3 ¼ �c
dPs

dT þ Ps
d�c

dT [10], where the

first and second terms represent the intrinsic and extrinsic
contribution to the pyroelectric coefficient, respectively.
Using such a model, the pyroelectric coefficient of a
PbZr0:2Ti0:8O3 thin film at 320 K was calculated [Fig. 1].
The intrinsic response [orange line, Fig. 1] is found to be
negative for all domain configurations with P3 � 0 and is
maximized at the boundary between the c and c=a=c=a
structures. Additionally, the extrinsic contribution due to
the temperature-induced motion of 90� domain walls was
calculated [green line, Fig. 1]. Note that the extrinsic
contribution occurs exclusively in the c=a=c=a structure
and the sign of the extrinsic contribution depends on the
nature of the epitaxial strain (with compressive and tensile
strains resulting in positive and negative contributions,

respectively). Thus, the primary pyroelectric coefficient
is maximized at a tensile strain corresponding to the tran-
sition that accompanies the disappearance of the c domains
[dashed line, Fig. 1]. The presence of domain walls results
in a shift of the position of maximum pyroelectric coeffi-
cient from compressive to tensile strain and the pyroelec-
tric coefficient is observed to increase with increasing
density of the a domains until the film is completely in-
plane polarized. This strain-dependent sign of the extrinsic
contribution is very different from the analogous effects in
dielectric and piezoelectric responses. In those cases, the
90� domain walls are predicted and observed to enhance
the susceptibility of the material to applied electric field or
stress (regardless of strain state). In the case of pyroelec-
tricity, however, the sign of the applied epitaxial strain has
significant impact on the nature of the domain wall motion
to changing temperature. This fact had not been previously
appreciated from more simplistic models.
To experimentally probe the pyroelectricity, we have

grown 150 nm PbZr0:2Ti0:8O3=20 nm SrRuO3 heterostruc-
tures on SrTiO3ð001Þ, DyScO3ð110Þ, TbScO3ð110Þ, and
GdScO3ð110Þ substrates (which provide a lattice mismatch
of �0:8%, 0.2%, 0.6%, and 0.9%, respectively, with
PbZr0:2Ti0:8O3) using pulsed-laser deposition [28].
SrRuO3 was used as a lattice-matched bottom electrode
on all substrates and symmetric capacitor structures were
fabricated by depositing an 80 nm thick epitaxial SrRuO3

top electrode (circular capacitors, diameter 25–100 �m)
patterned using an MgO-based hard-mask process [29].
Atomic force microscopy of as-grown films revealed
smooth surfaces with root-mean-square roughness <1 nm
and x-ray diffraction studies revealed single-phase, fully
epitaxial thin films [Fig. 2(a)]. An increase in�a from�4%
for films grown on SrTiO3 to �20% for films grown on

FIG. 1 (color online). Equilibrium domain structure and pyro-
electric coefficients of PbZr0:2Ti0:8O3 thin films calculated using
polydomain GLD theory at 320 K. The solid orange line shows
the intrinsic pyroelectric coefficient, the solid green line (at the
top in the c=a=c=a section) shows the extrinsic contribution to
the pyroelectric coefficient from the 90� domain walls, and the
dashed blue line shows the primary (intrinsic and extrinsic)
pyroelectric coefficient.
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GdScO3, consistent with the GLD models, was observed
using x-ray diffraction rocking curve studies [30] [Fig. 2(b)]
and piezoresponse force microscopy (Supplemental
Material, Fig. S1 [27]). These films provide amodel system,
spanning the c=a=c=a polydomain region of the
PbZr0:2Ti0:8O3 system, with which to probe the various
contributions to pyroelectricity.

The pyroelectric current (ip) from a ferroelectric capaci-

tor depends on the rate of change of temperature as ip ¼
�A dT

dt , where � is the pyroelectric coefficient and A is the

area of the capacitor. In contrast, within a narrow tempera-
ture interval (a few degrees K), the thermally stimulated
current (is) depends on the temperature linearly as is ¼
iso þ �T where iso is the room temperature thermally
stimulated current and � is a constant related to the acti-
vation energy of the trap states that give rise to the ther-
mally stimulated currents [18]. Therefore, in response to a
sinusoidal temperature oscillation, the component of the
current in-phase with the temperature is related to the
thermally stimulated current [18,19] and the current out
of phase with the temperature is the pyroelectric current.

Phase-sensitive measurements of the pyroelectric coef-
ficient were completed by measuring the current induced in
response to sinusoidal temperature oscillations using a
current preamplifier (Femto DLPCA-200) mounted in
close proximity to the sample [Fig. 3(a)]. Temperature
variations of the form T ¼ Tb þ T0 sinð!tÞ with a back-
ground temperature Tb ¼ 320 K and oscillations of
magnitude T0 � 1:25 K at an angular frequency ! �
0:125 rad=s were utilized to obtain a clean sinusoidal
oscillation in a stable temperature near room temperature
while producing a pyroelectric current that can be mea-
sured accurately [Figs. 3(b) and 3(c)]. The pyroelectric
coefficient was extracted from the out-of-phase component

of the measured sinusoidal current as [19] � ¼ i0 sinð�Þ
AT0!

where i0 is the amplitude of the current oscillation and �

is the measured phase difference between the current and
the temperature oscillations. The pyroelectric coefficient
was extracted from a large number (n ¼ 32) of capacitors
from a minimum of two identically prepared samples on
each substrate. The measured phase difference � between
the temperature and current oscillations is close to�90� in
all samples as expected; see the Supplemental Material,
Fig. S2 [27]. Deviations from �90� phase difference
between the temperature and current oscillations likely
arise due to the presence of thermally stimulated currents
in these samples; however, our ability to precisely measure
the phase difference allows us to unequivocally identify the
purely pyroelectric contribution.
These studies reveal that, as �a increases from �4% to

�20%, the measured pyroelectric coefficient increases
from �� 200 to �300 �C=m2 K [Fig. 4]. This is consis-
tent with the predictions that the primary pyroelectric

FIG. 2 (color online). (a) �-2� x-ray diffraction patterns for
various thin film heterostructures reveal single-phase, epitaxial
films on all substrates. (b) Specular !-rocking curves about the
200 diffraction peak of PbZr0:2Ti0:8O3 reveal an increasing
fraction of a domains with increasing tensile strain from
SrTiO3 to GdScO3.

FIG. 3 (color online). (a) Schematic of the phase-sensitive
measurement technique utilizing a sinusoidal temperature oscil-
lation. (b) Typical trace of the applied temperature variation and
(c) the measured sinusoidal pyroelectric current on a 100 �m
diameter PbZr0:2Ti0:8O3 capacitor.

FIG. 4 (color online). The measured pyroelectric coefficient
(filled red squares) as a function of percentage a-domains in
polydomain PbZr0:2Ti0:8O3 thin films. The dashed orange line is
the intrinsic response and the dashed blue line is the primary
response (intrinsicþ extrinsic) calculated using polydomain
GLD theory. The open green squares indicate the sum of
primaryþ secondary contributions to the pyroelectric coeffi-
cient for each film-substrate combination and the dashed green
line indicates the trend expected assuming an average thermal
expansion coefficient of 10:9� 10�6 K�1 for all the substrates.
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response should increase with the density of 90� domain
walls (since there are more domain walls to provide ex-
trinsic contributions). This indicates that the monodomain
models of intrinsic response are inadequate to explain the
observed pyroelectric response in polydomain films. The
measured pyroelectric coefficient, however, shows a
minor, but systematic, deviation from the values predicted
for the primary contribution (i.e., measured values are
consistently larger). While it is unrealistic to expect the
GLD theory to provide a precise prediction of the actual
pyroelectric coefficients, it is possible that the systematic
deviation arises from other mechanisms active in thin-film
ferroelectrics. As discussed previously, thin films are sus-
ceptible to secondary effects due to thermal expansion
mismatch between the film and substrate. In prior work,
such secondary contributions have been estimated to play a
minor role in the pyroelectric response of thin films
(<10% of the total response, except near the morphotropic
phase boundary) [7]. However, such models have only
investigated monodomain ferroelectric thin films. Here,
we calculate the secondary contribution to the pyroelectric
coefficient in polydomain films and show that it can sig-
nificantly enhance pyroelectricity. Since the polarization
also depends on the strain due to the thermal expansion
mismatch, we can write the secondary contribution as

�s ¼ @hP3i
@um

@um
@T , where um is the misfit strain with the sub-

strate. Using the temperature dependence of the lattice
constants �s can be simplified as [27]

�s ¼ ðum � 1Þð�f � �sÞ
�
�c

@Ps

@um
þ Ps

@�c

@um

�
; (1)

where �f and �s are the thermal expansion coefficients of

the film and the substrate, respectively. This can be used to
calculate the secondary contribution to the pyroelectric
coefficient of polydomain thin films from the strain depen-
dence of Ps and �c [22]. The average in-plane thermal
expansion coefficients of SrTiO3, DyScO3, and GdScO3

are 11:1� 10�6, 9:3� 10�6, and 12:1� 10�6 K�1,
respectively [31,32]. Experimental measurement of the
thermal expansion coefficient of TbScO3 is not available
in the literature. We can observe general trends by using
an average thermal expansion coefficient for all substrates
studied here (10:9� 10�6 K�1) and PZT (5:4�
10�6 K�1) [31]. Using these values, we estimated the
average secondary contribution to the pyroelectric coeffi-
cient [dashed green line, Fig. 4]. We see that the effect of
the thermal expansion mismatch is more significant in the
polydomain state as compared to a monodomain state due
to the sensitive strain dependence of �c. The secondary
contribution contributes an additional 25%–50% to the
total room-temperature response and provides an impor-
tant correction to the primary pyroelectric coefficient cal-
culated previously. Alternatively, we can consider each
film-substrate combination independently (done here for
films on SrTiO3, DyScO3, and GdScO3 substrates) [open

green squares, Fig. 4]. This approach helps explain the
fine-structure observed in the data (relative vertical shifts
of data points) and reveals that the secondary contribution
is a complex and potentially large additional contribution.
Nevertheless, the addition of the secondary effect seems

to systematically exceed the values of the measured pyro-
electric coefficients. This could arise for a number of pos-
sible reasons. (i) Domain wall effects are overestimated due
to domain wall pinning resulting in a lower extrinsic con-
tribution than expected from GLD theory. The diminished
extrinsic contributions push responses closer to the intrinsic
values, thereby increasing the magnitude of the response in
the region of interest. (ii) The secondary effects require
further corrections (due to, for example, anisotropic thermal
expansion coefficients). Nonetheless, this work has pro-
vided the first comprehensive study of pyroelectricity in
polydomain ferroelectric thin films with c=a=c=a domain
structures. This insight dramatically improves the current
understanding of extrinsic (domain wall) and secondary
contributions to pyroelectricity and how thin-film epitaxy
can be used to generate model systems for the study of this
underdeveloped realm of materials physics. Such thin-film
approaches could also be utilized to explore additional
exciting observations concerning pyroelectricity in nonpo-
lar ferroelastics and nanoscale ferroelectrics which have
been recently reported [33–35].
In conclusion, this work has investigated the various

contributions to pyroelectricity in ferroelectric thin films.
We have demonstrated the crucial role played by 90�
domain walls and thermal expansion mismatch on pyro-
electricity. In general, a dramatic increase in the pyroelec-
tric coefficient with increasing fraction of in-plane oriented
domains and thermal expansion mismatch is observed. The
extrinsic contribution to pyroelectricity from domain walls
is found to be distinctly different from the analogous effects
in dielectric and piezoelectric responses in that the sign of
the effect depends on the nature of the applied epitaxial
strain. At the same time, due to the strong coupling between
the polarization and the lattice, the thermal expansion mis-
match between film and substrate is also found to be
strongly active in polydomain films providing an additional
25%–50% enhancement of pyroelectricity. These observa-
tions have important implications for the temperature de-
pendent response of ferroelectrics and have not been
previously probed either in models or experiment.
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 Ferroelectric thin fi lms and heterostructures have been widely 
investigated as functional elements for a variety of applica-
tions. [  1–4  ]  The interest in these materials is due primarily to 
the presence of a strong spontaneous polarization and large 
dielectric, piezoelectric, and pyroelectric susceptibilities. [  3  ,  4  ]  In 
bulk versions of these materials (i.e., single crystals or sintered 
ceramics), researchers have primarily varied the chemical com-
position as a means to control these susceptibilities. [  5  ,  6  ]  In this 
spirit, the lead zirconate titanate, PbZr 1− x  Ti  x  O 3  (PZT), family of 
materials has been widely studied because strong chemically 
driven phase competition in this material gives rise to large 
susceptibilities. Separating the two structural polymorphs of 
the PZT system (a tetragonal phase on the Ti-rich side and a 
rhombohedral phase on the Zr-rich side) is a nearly tempera-
ture independent, compositionally driven boundary called a 
morphotropic phase boundary (MPB) (occurring at  x   =  0.48). [  5  ,  7  ]  
Additionally, advances in thin-fi lm epitaxy over the last decade 
have also provided added routes by which to control properties 
in these materials including utiliztion of epitaxial strain, [  8  ]  fi lm 
thickness, electrical boundary conditions, [  9  ]  creation of complex 
bilayer and superlattice heterostructures, [  10–14  ]  and much more. 
In PZT, for instance, bilayer fi lms give rise to large dielectric 
and piezoelectric properties [  10  ]  and superlattices have been uti-
lized to obtain exquisite control over spontaneous polarization, 
dielectric constant, and Curie temperature. [  13  ,  15  ]  

 Likewise, compositionally graded thin fi lms, which possess a 
smooth variation in the composition throughout the thickness 
of the fi lm, have shown considerable promise. Compositional 
gradients have been utilized in semiconductor epitaxy (in sys-
tems such as Si  x  Ge 1− x   and In 1− x  Ga  x  As) to engineer strain for 
the growth of dislocation-free epilayers and for bandgap con-
trol. [  16–18  ]  In the realm of ferroelectrics, prior work on com-
positionally graded ferroelectric thin fi lms of a variety of sys-
tems including PZT and Ba 1− x  Sr  x  TiO 3  has revealed a range 
of novel phenomena such as the presence of built-in electric 
fi elds, [  19  ]  shifted hysteresis loops, [  19–22  ]  and large susceptibili-
ties. [  23  ]  Recent theoretical work has suggested that composi-
tionally graded thin fi lms could have signatures of geometric 

frustration [  24  ]  and experimental efforts have explored fl exo-
electric effects assoicated with strain gradients [  25  ,  26  ]  that could 
also be important in compositionally graded fi lms. Despite a 
longstanding scientifi c interest and an immense potential for 
applications, the origin of the novel properties and the structure-
property relationships in compositionally graded fi lms is still 
unclear. In turn, this has limited the adoption and utilization 
of these graded materials as compared to more traditional epi-
taxial strain approaches to engineer and control functionality in 
thin-fi lm ferroelectrics. 

 Here, we report on the evolution of structural, dielectric, and 
ferroelectric properties in single-layer, bilayer, and composition-
ally graded PZT fi lms. We observe that both bilayer and com-
positionally graded heterostructures have ferroelectric domain 
structures that are largely determined by the structural evolu-
tion at the fi lm-substrate interface. By minimizing the lattice 
misfi t at the interface, large residual strains can be generated 
in the heterostructures which gives rise to exotic ferroelectric 
domain structures that are not found in single layer versions 
of these materials. Correspondingly, novel dielectric and ferro-
electric properties including the observation of built-in electric 
fi elds and two different zero-fi eld stable states with the same 
net polarization, but different small-signal dielectric permit-
tivity have been observed. In the remainder of this work, we 
will provide a detailed framework by which to understand the 
complex evolution of structure and properties in this system 
and identify potential avenues for future applications. 

 We focus our attention on 100 nm thick fi lms of PZT with 
compositions between  x   =  0.2–0.8. The two end-members are 
PbZr 0.2 Ti 0.8 O 3  (a tetragonal ferroelectric with lattice parameters 
 a   =  3.94 Å and  c   =  4.12 Å) [  27  ]  and PbZr 0.8 Ti 0.2 O 3  (a rhombohedral 
ferroelectric with lattice parameter  a   =  4.118 Å and   α    =  89.73 ° ). [  28  ]  
Considering the bulk lattice parameters of PbZr 0.2 Ti 0.8 O 3  and 
PbZr 0.8 Ti 0.2 O 3 , GdScO 3  (110) single crystal substrates (with a 
pseudocubic lattice parameter  a pc    =  3.973 Å that is between the 
two phases) are used for this study. Six variants of heterostruc-
tures were studied: 1) single-layer PbZr 0.2 Ti 0.8 O 3  ( Figure    1  a); 
2) single-layer PbZr 0.8 Ti 0.2 O 3  (Figure  1 b); 3) up-bilayer hetero-
structures (a 50 nm PbZr 0.8 Ti 0.2 O 3  layer grown on a 50 nm 
layer of PbZr 0.2 Ti 0.8 O 3 ) (Figure  1 c); 4) down-bilayer heterostruc-
tures (a 50 nm PbZr 0.2 Ti 0.8 O 3  fi lm grown on a 50 nm layer of 
PbZr 0.8 Ti 0.2 O 3 ) (Figure  1 d); 5) compositionally up-graded hetero-
structures (which smoothly transition from PbZr 0.2 Ti 0.8 O 3  to 
PbZr 0.8 Ti 0.2 O 3  from the substrate to the fi lm surface) (Figure  1 e); 
and 6) compositionally down-graded heterostructures (which 
smoothly transition from PbZr 0.8 Ti 0.2 O 3  to PbZr 0.2 Ti 0.8 O 3  from 
the substrate to the fi lm surface) (Figure  1 f). In all cases, the 
PZT heterostructures are grown with a 30 nm SrRuO 3  bottom 

  Dr. R. V. K. Mangalam, J. Karthik, A. R. Damodaran,
J. C. Agar, Prof. L. W. Martin
Department of Materials Science and Engineering 
and Materials Research Laboratory
University of Illinois
Urbana-Champaign, Urbana, IL 61801, USA
 E-mail:  lwmartin@illinois.edu    

Adv. Mater. 2013, 25, 1761–1767



1762

www.advmat.de
www.MaterialsViews.com

wileyonlinelibrary.com © 2013 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

C
O

M
M

U
N

IC
A
TI

O
N

electrode. Additional details of the growth are provided in the 
Experimental Section. The variation in composition across the 
thickness of the fi lm was confi rmed using time-of-fl ight secondary 
ion mass spectrometry (TOF-SIMS) analysis with both single-
layer PbZr 0.2 Ti 0.8 O 3  ( Figure    2  a) and PbZr 0.8 Ti 0.2 O 3  (Figure  2 b) 
fi lms revealing essentially constant Zr and Ti ion concentrations 
across the thickness of the fi lms and compositionally graded 
samples revealing a gradual change in the Zr and Ti ion con-
centration across the thickness of the fi lms (Figure  2 c,d). Note 
that in TOF-SIMS analysis ion signals can only be related to 
the composition of the bulk of the material (typically  > 10 nm) 
where the ion yield transients arising from surface contami-
nants are reduced and the implantation of the primary beam 
species produces a steady-state level of the species. [  29  ]  The TOF-
SIMS analysis reported here is meant simply to confi rm that the 
compositionally graded variants have smoothly varying Zr- and 
Ti-contents across the thickness of the fi lm.   

 The structure of these heterostructures was studied using 
X-ray diffraction reciprocal space mapping (RSM) about the 103 
and 332 diffraction conditions for the fi lm and substrate, respec-
tively. These studies reveal that single-layer PbZr 0.2 Ti 0.8 O 3  fi lms 
are coherently strained to the GdScO 3  (110) substrates (Figure  2 e) 
while single-layer PbZr 0.8 Ti 0.2 O 3  fi lms are partially relaxed 
(Figure  2 f). We observe a similar asymmetry in strain relaxation 
in the bilayer heterostructures where the up-bilayer variants pos-
sess a majority tetragonal-like structure with some indication of 
partial strain relaxation (Figure  2 g) while the down-bilayer vari-
ants possess peaks for both the rhombohedral (PbZr 0.8 Ti 0.2 O 3 , 
referred to as PZT R  in the Figure) and tetragonal (PbZr 0.2 Ti 0.8 O 3 , 
referred to as PZT T  in the Figure) phases including evidence of 
in-plane  a  domain formation in the PbZr 0.2 Ti 0.8 O 3  and complete 

strain relaxation (Figure  2 h). Furthermore, in the composition-
ally graded heterostructures the up-graded variants are found 
to possess a nearly coherently-strained tetragonal-like structure 
with lattice parameters  a   =  3.973 Å and  c   =  4.136 Å (Figure  2 i) 
while the down-graded variants exhibit peaks corresponding to 
relaxed versions of the rhombohedral phase and  a  domains of 
the tetragonal phase (Figure  2 j). 

 The asymmetry in the strain relaxation and the observed 
crystal structures is fairly straightforward to understand. Recall 
that the lattice mismatch between PbZr 0.2 Ti 0.8 O 3  and the sub-
strate (0.8% tensile) is considerably smaller than the lattice mis-
match between the PbZr 0.8 Ti 0.2 O 3  and the substrate (3.5% com-
pressive). As a result, the 100 nm thick fi lms of PbZr 0.8 Ti 0.2 O 3  
are more susceptible to strain relaxation as compared to 
PbZr 0.2 Ti 0.8 O 3  fi lms of the same thickness. Therefore, the down-
bilayer and down-graded variants are expected to undergo rapid 
strain relaxation and present the subsequent Ti-rich phase with 
an effectively larger in-plane lattice parameter than the GdScO 3  
substrate. The Ti-rich (tetragonal) material will, in turn, accom-
modate the large tensile strain via the formation of  a  domains. 
This is consistent with the observed diffraction patterns in 
down-bilayer (Figure  2 h) and down-graded (Figure  2 j) variants. 
On the other hand, when the Ti-rich material is grown at the 
substrate interface, the small lattice mismatch with the sub-
strate is easily accommodated and the subsequent Zr-rich mate-
rial is presented with in-plane lattice parameters that are more 
favorable for generating a compressively strained variety of the 
Zr-rich phases. In this case, akin to what has been observed in 
graded semiconductor heterostructures, large strains can be 
achieved across the fi lm thickness because locally the lattice 
mismatch throughout the fi lm is considerably smaller. 

     Figure  1 .     Schematic illustrations of the six sample variants studied in this work including: a) single-layer PbZr 0.2 Ti 0.8 O 3 , b) single-layer PbZr 0.8 Ti 0.2 O 3 , 
c) up-bilayer, d) down-bilayer, e) up-graded, and f) down-graded heterostructures.  
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domain structures consisting of  c  and  a  domains (generally 
found in Ti-rich, tetragonal phases of PZT) (Figure  3 e) despite 
the fact that the top 50 nm of this heterostructure is made up of 
Zr-rich (rhombohedral) phases. On the other hand, the down-
graded variants exhibit a domain structure much like that in 
the down-bilayer variants where there are  a  1  and  a  2  domains 
as expected from a tensile strained Ti-rich (tetragonal) phase 
(Figure  3 f).  

 Both the RSMs and the PFM images confi rm an unexpected 
observation: the ability to produce a tetragonal-like version of 
Zr-rich PZT. Such a tetragonal variant of the parent rhombo-
hedral compositions has been predicted previously [  33  ]  but was 
thought to be challenging to obtain due to the diffi culty in 
retaining such large strains in thin fi lms. It appears, however, 
that compositional gradients can be used to dramatically extend 
the range of strain (similar to the approaches used in traditional 
group IV and III–V semiconductors) and thereby enable Zr-rich 
phases to be strained considerably more than is possible in a 

 These observations are further supported by imaging the 
ferroelectric domain structure of these variants using piezore-
sponse force microscopy (PFM). A full set of phase and ampli-
tude images is provided for each of the six sample variants 
in Figure S1 of the Supporting Information, but for brevity, 
we show here ( Figure    3  ) only a sub-set to highlight the differ-
ences in domain structure between the variants. Analysis of 
the single-layer PbZr 0.2 Ti 0.8 O 3  variants (Figure  3 a) confi rms 
the presence of out-of-plane ( c ) and in-plane ( a ) polarized 
domains consistent with the 90 °  domain structures typically 
observed in such tetragonal ferroelectrics. [  30–32  ]  The single-layer 
PbZr 0.8 Ti 0.2 O 3  variants, however, display a much more complex 
domain structure (Figure  3 b). Up-bilayer variants (Figure  3 c) 
(with PbZr 0.8 Ti 0.2 O 3  at the top of the fi lm) display a complex 
domain structure similar to the single-layer PbZr 0.8 Ti 0.2 O 3  vari-
ants while the down-bilayer variants (Figure  3 d) reveal the pres-
ence of  a 1   and  a 2   domains consistent with a tensile strained Ti-
rich (tetragonal) phase. Finally, the up-graded variants exhibit 

     Figure  2 .     Time-of-fl ight secondary-ion mass spectra for single-layer (a) PbZr 0.2 Ti 0.8 O 3  and (b) PbZr 0.8 Ti 0.2 O 3  and compositionally (c) up-graded and 
(d) down-graded variants. Reciprocal-space mapping about the 103 and 332-diffraction conditions for: (e) single-layer PbZr 0.2 Ti 0.8 O 3 , (f) single-layer 
PbZr 0.8 Ti 0.2 O 3 , (g) up-bilayer, (h) down-bilayer, (i) up-graded, and (j) down-graded variants. Expected peak positions for bulk (black) and strained 
(orange) versions of the parent phases are labeled in each graph. Note that when appropriate and distinct, we distinguish between peaks arising from 
Zr-rich and Ti-rich PbZr 1− x  Ti  x  O 3  as PZT R  and PZT T , respectively.  
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to compare the response across the dif-
ferent heterostructures. For all data reported 
here, the bottom electrode was connected to 
ground and the drive voltage was applied to 
the top electrode. 

 We begin with studies of ferroelectric 
hysteresis in the materials. The hyster-
esis loops for all six sample variants were 
measured at a range of frequencies, but for 
brevity, loops acquired at 1 kHz are pro-
vided ( Figure    4  ). Two distinct behaviors were 
observed; that for down-bilayer and down-
graded and that for up-bilayer and up-graded 
variants. Let us begin with the down-bilayer 
and down-graded variants (Figure  4 a) which 
both show symmetric hysteresis loops with 
greatly diminished remnant and saturation 
polarization compared to single-layer fi lms 
of both PbZr 0.2 Ti 0.8 O 3  and PbZr 0.8 Ti 0.2 O 3 . 
This is likely explained by the fact that both 
variants possess a large fraction of in-plane 
polarized  a  domains in the tetragonal phase 
(which cannot be switched to be out-of-plane 
polarized) and thus nearly half of the fi lm is 

essentially ferroelectrically inactive in this device geometry. The 
up-bilayer and up-graded variants, on the other hand, show very 
different behavior (Figure  4 b) with signifi cantly shifted (along 
the fi eld axis) hysteresis loops and large saturation and rem-
nant polarization (commensurate with that measured in the 
single-layer fi lms). In the case of the up-bilayer and up-graded 
variants, the stabilization of tetragonal-like structures means 
that the entire thickness of the fi lm can produce switchable 
polarization (thus the large saturation and remnant polariza-
tion). More interestingly, the up-bilayer and (more so) the up-

graded variants show large horizontal shifts 
of the hysteresis loops (along the electric 
fi eld axis) of up to  ≈ 200 kV/cm that are not 
observed in any of the other sample vari-
ants. We note that by reversing the polarity 
of the hysteresis measurements (i.e., with the 
drive-voltage applied to the bottom electrode 
and the top electrode grounded) we observed 
that the hysteresis loop was shifted in the 
opposite direction (Supporting Informa-
tion, Figure S2). Although reminiscent of an 
imprint, [  4  ]  which can occur due to a variety 
of extrinsic factors such as space charge 
accumulation due to asymmetric electrodes 
or the presence of defect dipoles within 
the ferroelectric, [  35  ,  36  ]  the observed shifts of 
the hysteresis loop are indeed intrinsic to the 
sample. Classic imprint can be easily elimi-
nated with symmetric capacitor structures 
and oxide electrodes (such as the SrRuO 3  
electrodes used here) and the fact that only 
the up-bilayer and up-graded variants show 
the shift indicates a different driving force 
for this effect. Prior work on single-layer thin 

single layer fi lm. These studies suggest that the ultimate struc-
ture of the bilayer and compositionally graded heterostructures 
is determined by the initial phase that grows thereby producing 
an asymmetry in the observed structures. 

 We proceeded to probe the impact of this complex structural 
evolution on the dielectric and ferroelectric properties at room 
temperature. Symmetric capacitor structures (circular capaci-
tors, diameter 25–100  μ m) with SrRuO 3  electrodes were fabri-
cated using an MgO-based hard-mask process. [  34  ]  Capacitance–
voltage and polarization-electric-fi eld studies were performed as 

     Figure  3 .     Piezoresponse force microscopy images of: a) single-layer PbZr 0.2 Ti 0.8 O 3  (vertical 
phase), b) single-layer PbZr 0.8 Ti 0.2 O 3  (vertical phase), c) up-bilayer (vertical phase), d) down-
bilayer (lateral amplitude), e) up-graded (vertical phase), and f) down-graded (lateral ampli-
tude) variants.  

     Figure  4 .     Room temperature, 1 kHz polarization-electric fi eld hysteresis loops for: a) down-
bilayer and -graded variants, and b) up-bilayer and -graded variants. c) Dielectric permittivity 
and d) loss tangent for each of the six sample variants as a function of frequency.  
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fi lms, however, has highlighted the role of strain gradients (or 
fl exoelectricity) within the fi lm as a possible mechanism for the 
formation of a built-in electric fi eld. [  37–39  ]  Our structural studies 
have revealed signifi cant retention of compressive strain in the 
up-graded variant resulting in strain gradients as large as 4.3  ×  
10 5  m  − 1  (corresponding to a 4.3% strain gradient over a 100 nm 
thick fi lm) which could be responsible for the observed voltage 
offsets. In this case, the gradient in composition naturally leads 
to a gradient in strain and provides for the generation of the 
built-in electric fi eld.  

 The observed built-in electric fi elds also have a large effect 
on the small signal dielectric permittivity (  ε  ) of the heterostruc-
tures (details in Experimental Section). Detailed Rayleigh 
behavior studies (Supporting Information, Figure S3) were 
used to determine the measurement voltage and confi rm the 
absence of irreversible contributions to the permittivity. The 
frequency-dependent permittivity falls into three distinct 
regimes. The single-layer PbZr 0.8 Ti 0.2 O 3 , the down-bilayer, and 
the down-graded variants exhibit permittivity values in excess of 
300 across all frequencies studied (Figure  4 c) which is consistent 
with what is expected for samples possessing polydomain struc-
tures and large extrinsic contribution from domain walls. [  32  ]  
The single-layer PbZr 0.2 Ti 0.8 O 3  variants show intermediate per-
mittivity with a value around 250 across all frequencies studied. 
This is consistent with the value reported in polydomain fi lms 
with similar domain structures. [  32  ]  Finally, the up-bilayer and 
up-graded variants exhibit considerably reduced permittivity 
between 80–120 at all frequencies studied. This is comparable 
to the intrinsic dielectric constant of single-domain PZT. [  40  ]  It 
has been shown previously that inhomogeneous strain or strain 
gradients can lead to signifi cant reduction in dielectric permit-
tivity. [  37–39  ]  Our studies confi rm this observation exactly with 
the variants exhibiting the lowest permittivity corresponding 
to those variants observed to have the largest strain gradients. 
These prior studies, however, do not comment on the micro-
scopic mechanism giving rise to reduced dielectric response. 
We contend that the presence of built-in fi elds can reduce the 
extrinsic contribution from domain walls due to an effective 
stiffening or pinning of the domain walls due to the increased 
stability of a single polarization variant at zero bias. In other 
words, the presence of a built-in potential pointing parallel to 
the  c  domains of these heterostructures, could potentially skew 
the energy landscape such that the small signal susceptibility 
is greatly diminished. We have further extracted values of the 
Rayleigh coeffi cient for each sample variant which supports 
these observations ( Table    1  ). The Rayleigh coeffi cient is a quan-
titative measurement of the irreversible domain wall contribu-
tion to the permittivity. We observe larger Rayleigh coeffi cients 
for single-layer PbZr 0.8 Ti 0.2 O 3 , down-bilayer, and down-graded 
variants as compared to up-bilayer and up-graded variants sug-
gesting that domain wall motion in the later variants is sup-
pressed and could be playing a role in decreasing the overall 
permittivity of the samples.  

 Finally, we have explored permittivity (or capacitance)–
voltage butterfl y loops for all sample variants. Interesting dif-
ferences were observed between sample variants that do and do 
not exhibit built-in electric fi elds in the ferroelectric hysteresis 
loops. For example, the up-graded variants ( Figure    5  a) exhibit 
two distinct small-signal permittivity values and asymmetric 

butterfl y loop shape whereas down-graded variants (Figure  5 b) 
exhibit only a single value of small-signal permittivity and a 
symmetric loop shape. This is an interesting observation and 
could have potential for new modalities of operation for non-
volatile, low-power memories. Unlike traditional ferroelectric 
memories which require multiple capacitors to store a single 
data bit and destructive read/write operations, a new confi gura-
tion based on the measurement of zero-bias capacitance would 
offer smaller feature size and non-destructive read operations. 
Additionally, other applications (e.g., piezoelectric vibrational 
energy scavenging) that require a constant and known polariza-
tion direction to enable repeatable and consistent device opera-
tion could utilize such materials. In particular, to improve the 
performance of a material in piezoelectric vibrational energy 
scavenging applications, one needs a material which simul-
taneously exhibits large piezoelectric response, low dielectric 
constant, and improved robustness to depolarization/aging. 
Traditionally this has been achieved in ferroelectrics by uti-
lizing imprint or built-in electric fi elds that arise from the use 
of asymmetric electrodes. [  2  ]  The use of compositionally graded 
materials could provide a new pathway to improved perform-
ance in each of these areas.  

   Table  1.     Rayleigh coeffi cient for each of the six sample variants. 

Heterostructure    α ’  
[cm/kV]

20:80 1.40

80:20 2.06

Up-bilayer 0.33

Down-bilayer 1.87

Up-graded 0.28

Down-graded 0.59

     Figure  5 .     Room-temperature dielectric permittivity–voltage butterfl y 
loops of compositionally (a) up-graded and (b) down-graded variants.  
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ants have been observed to possess exotic structural and ferro-
electric properties that are largely determined by the structure 
of the initial growth layer. We have observed that up-bilayer 
and up-graded variants exhibit nearly coherently strained, 
tetragonal-like crystal and ferroelectric domain structures 
despite having large fractions of the fi lm with compositions 
on the rhombohedral side of the phase diagram. Analogous to 
prior work in traditional semiconductor systems, the composi-
tional grading of the fi lm gives rise to a gradual increase in the 
magnitude of strain from the substrate and a reduced suscepti-
bility to strain relaxation. This results in heterostructures which 
possess ferroelectric hysteresis loops with large voltage offsets, 
large remnant polarization, and low permittivity compared to 
other sample variants. Composition and strain gradients are, in 
turn, demonstrated as a powerful new tool to tune the prop-
erties of ferroelectric thin fi lms and further evolution of this 
concept could represent a new direction in epitaxial thin fi lm 
manipulation of complex oxide materials. 

  Experimental Section 
 Single-layer, bilayer, and compositionally-graded heterostructures of 
total thickness 100 nm were synthesized on 30 nm SrRuO 3  bottom 
electrode layers on single crystal GdScO 3  (110) substrates via pulsed-
laser deposition from Pb 1.1 Zr 0.2 Ti 0.8 O 3  and Pb 1.1 Zr 0.8 Ti 0.2 O 3  targets. 
The laser fl uence and repetition rate were maintained at 1.9 J/cm 2  and 
3 Hz for all PZT growths and 1.8 J/cm 2  and 13 Hz for the growth of 
the SrRuO 3 . Compositionally graded heterostructures were synthesized 
by continuously varying the composition from PbZr 0.2 Ti 0.8 O 3  to 
PbZr 0.8 Ti 0.2 O 3  and vice versa using a programmable target rotator 
(Neocera, LLC) that was synced with our excimer laser. The up-bilayer 
and compositionally up-graded heterostructures were grown at 600  ° C. 
The down-bilayer and compositionally down-graded heterostructures 
were grown at 560  ° C. For all the samples, fi lms were grown at oxygen 
pressures of 200 mTorr and were cooled in 700 Torr pressure of oxygen. 
Capacitor structures were fabricated using 30 nm SrRuO 3  bottom 
electrodes and 80 nm SrRuO 3  top electrodes. 

 The dielectric permittivity was extracted from the measured 
capacitance ( C ) using  C = ε0εr A

d
   where  A  is the area of the capacitor 

and  d  is the thickness of the fi lm. Prior to measurement, the fi lms were 
poled with a negative bias for 0.1 milliseconds and fi lms were measured 
at remanence. The dielectric permittivity as a function of frequency 
was measured with a tickle voltage of 8 mV (rms) and for the case of 
dielectric permittivity–voltage butterfl y loops, the measurements were 
done with a tickle voltage of 8 mV (rms) at 10 kHz. 

   Supporting Information 
 Supporting Information is available from the Wiley Online Library or 
from the author. 
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ABSTRACT: Bidirectional interdependency between graphene
doping level and ferroelectric polarization is demonstrated in
graphene/PbZr0.2Ti0.8O3 hybrid structures. The polarization of
the PbZr0.2Ti0.8O3 can be effectively switched with graphene
electrodes and can in turn alter carrier type and density in the
graphene. A complete reversal of the current−voltage hysteresis
direction is observed in the graphene when external environ-
mental factors are minimized, converting p-type graphene into
n-type with an estimated carrier density change as large as ∼1013
cm−2. Nonvolatility and reversibility are also demonstrated.

KEYWORDS: CVD graphene, ferroelectrics, PbZr0.2Ti0.8O3, polarization reversal, interface

The rich two-dimensional physics in a material with
mechanical and chemical robustness makes graphene an

intriguing platform for leveraging exotic low-dimensional
phenomena for advanced functionality.1−6 Recent advances in
large-area chemical vapor deposition growth and transfer to
arbitrary substrates now allow for fabrication of wafer-scale
graphene device arrays.7,8 Experimental observation, and
ultimately practical implementation of the unique phenomena
associated with massless Dirac fermions in graphene, however,
is difficult and often requires a suite of sophisticated
instrumentation.3−6 Furthermore, due to its zero-gap nature,
even the most mundane exploitation of graphene as a high-
mobility channel in conventional field-effect transistors (FETs)
is limited.2 Interfacing graphene with complex oxides such as
ferroelectrics may lead to new means of manipulating carriers in
graphene and thus facilitate utilization of its promising
electronic properties in devices.
Ferroelectric oxide thin films are suitable for high-speed

nonvolatile memories, high-density capacitors, and advanced
low-power logic elements due to their high susceptibility and
large, electric-field controllable remanent polarization.9−12

Recent developments in the synthesis of complex oxide thin
films allow for nanometer-scale artificial structures compatible
with low-power semiconductor technology.13−16 Previous
studies of graphene incorporated into FETs with ferroelectric
gates have revealed a strong interaction between the gate
dielectric and graphene leading to potentially useful attributes
such as stable hysteresis curves or nonvolatility.17−24 However,
the observed characteristics of graphene on ferroelectric oxides
have been attributed to extrinsic charging effects rather than a
direct coupling of the ferroelectric polarization to charge
carriers in graphene.17−20 Similar hysteresis effects, extensively
studied in graphene and carbon nanotube devices on

nonferroelectric substrates, have been shown to be caused by
relatively slow interactions with surrounding molecules such as
H2O and O2,

25−28 charge injection into interfacial trap
states,29−31 and/or charge redistribution within the substrate
caused by mobile and trapped charges.32 In ambient air, these
extrinsic factors result in a hysteresis between two p-type states
for electric field or gate voltage cycles. Upon application of a
positive gate voltage, the system exhibits enhanced p-doping,
corresponding to a positive shift of the Dirac point in the
transfer characteristics (drain current ID versus gate voltage VG
curve). This behavior is the opposite of what is expected if
direct coupling of the ferroelectric polarization and charge
carriers in graphene existed. In this latter case, poling the
ferroelectric in an “up” state (with the polarization pointing
toward the graphene) should stabilize electrons in the graphene
(making it n-type or at least less p-type) while poling the
ferroelectric in the “down” state (with the polarization pointing
away from the graphene) should stabilize holes (making the
graphene more p-type). In other words, the electric field from
the up-polarized PbZr0.2Ti0.8O3 should create a positive offset in
VG leading to the Dirac point shifting to a more negative, rather
than a more positive value. Extrinsic hysteresis effects opposing
the ferroelectric polarization and the delayed response
associated with slow motion of adsorbed molecules are
undesirable aspects that complicate our understanding of
graphene/ferroelectric interactions and therefore currently
limit the applicability of this system.
Here, we report how contributions from surface/interface

charging and adsorbed molecules can be separated from the
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intrinsic interaction and how they can be sufficiently reduced to
allow observation of direct effects of ferroelectric polarization
on single-layer graphene. Stable and reversible ferroelectric
operation in both capacitor and FET modes is shown with
graphene/PbZr0.2Ti0.8O3 hybrid structures. A complete reversal
of the direction of the hysteresis in the transfer characteristics
allows for reversible and permanent switching of the resistance
state of the graphene channel. A conversion from p- to n-type
in graphene/PbZr0.2Ti0.8O3 FETs is shown with fast gate
voltage sweeps or pulsed gate voltages.
Single-layer graphene with low defect density was grown on

ultrapure Cu foils similar to “recipe B” of ref 8. Following
chemical vapor deposition growth, the graphene films were
transferred to the desired substrates using a one-touch wet
transfer method that allows for Cu etching, washing, and
deposition onto target substrates all in one bath designed for
continuous flow of different solutions. Atomic force microscopy
and Raman spectroscopy studies of graphene transferred to
SiO2 using this method revealed a minimum amount of
polymer residue after transfer, continuous coverage, and low
average defect densities as indicated by a low D to G peak
intensity ratio <0.06 [Supporting Information, Figure S1]. The
2D to G peak intensity ratio of 3.02 with the G-band peak
position of 1585.6 cm−1 as well as the 2D bandwidth Γ2D = 26.8
cm−1 are indicative of single layer graphene.33 As discussed in
the Supporting Information, the one-touch transfer process
developed here improved the coupling between graphene and
the ferroelectric thin film, which is necessary to minimize the
external charging effects observed previously. For device
fabrication, the graphene films were transferred onto pulsed-
laser deposition grown 140 nm PbZr0.2Ti0.8O3/60 nm SrRuO3/
SrTiO3 (001) heterostructures,34 which were thoroughly
cleaned before transfer without allowing the films to be
exposed to air between cleaning and graphene deposition. Two
types of devices were fabricated, capacitors and FETs, both with
Pd as the contact metal for the graphene. Details of graphene
and oxide growth, one-touch wet transfer method, and device
fabrication can be found in the Supporting Information.
Using the capacitor structure, a robust ferroelectric response

of the PbZr0.2Ti0.8O3 film can be seen in the Pd/graphene/
PbZr0.2Ti0.8O3/SrRuO3 capacitors with a coercive field of ∼174
kV cm−1 (∼2.44 V coercive voltage) [Figure 1a]. As a point of
comparison, the hysteresis loop for a Pd top contact capacitor
without graphene is also shown [Figure 1a]. Symmetric leakage
current [Supporting Information Figure S2], square and
symmetric hysteresis loops, negligible polarization offsets, and
similar coercive fields are seen in the control capacitor. A
noticeable difference is the smaller remanent ferroelectric
polarization of the Pd/graphene/PbZr0.2Ti0.8O3 structures
(∼23 μC cm−2 versus ∼80 μC cm−2 in the control), which
can be explained by the lower carrier density of the graphene
being unable to compensate the polarization completely.
Similar results have been shown in ferroelectric capacitors
with semiconducting contacts.35 A complete compensation of
the remanent polarization would require a carrier density of
about 5 × 1014 cm−2, an enormous number for single-layer
graphene. Graphene covered by a ferroelectric polymer film has
also been shown to be unable to supply a sufficient number of
carriers for complete compensation.24 Another possible
explanation for the reduced polarization is the existence of a
dielectric layer at the interface of the graphene and
PbZr0.2Ti0.8O3 films, possibly caused by molecules such as

H2O present on the surface of the PbZr0.2Ti0.8O3 prior to or
during the transfer process.36

Figure 1b shows the voltage magnitude and the pulse-width
dependence of PbZr0.2Ti0.8O3 polarization in the capacitors
with Pd/graphene contacts. Fast ferroelectric polarization
switching can be achieved in these capacitors. For a complete
polarization reversal, pulse durations of 0.008, 0.032, and 0.51
ms are required for applied voltages of ±3.5, ± 3, and ±2.5 V,
respectively. These results provide the necessary information to
understand the time- and gate-voltage-dependent response of
graphene FETs on PbZr0.2Ti0.8O3. Fast and low-voltage
responses may be particularly useful for manipulating electron
transport in graphene with ferroelectric gates.
Having established ferroelectric polarization switching of

PbZr0.2Ti0.8O3 using graphene-based electrodes, we now
consider a FET geometry with a graphene channel and a
ferroelectric gate. The device structure [Figure 2a inset]
includes an insulating SiO2 layer to ensure low leakage current
between the gate electrode and metal contact pads. For gate
voltages not exceeding the coercive voltage of the
PbZr0.2Ti0.8O3 film, these devices exhibit transfer characteristics
similar to graphene FETs on Si/SiO2 substrates, further verified
through gate-dependent Raman G-band peak position shift
[Supporting Information Figure S3]. Because of the large
dielectric constant of PbZr0.2Ti0.8O3, a very small VG range is
necessary to effectively tune the carrier concentration. The
Dirac point is typically at a slightly positive VG (i.e., p-doped
much like graphene on Si/SiO2 substrates measured under air
ambient) and the field-effect mobility is in the range of 200−
1300 cm2 V−1 s−1. A possible reason for this reduced mobility in
the graphene channel compared to devices fabricated similarly

Figure 1. (a) Ferroelectric hysteresis loops of the PbZr0.2Ti0.8O3
(PZT) film with Pd and graphene/Pd top contacts (blue open squares
and orange-filled diamonds, respectively) with a frequency of 10 kHz.
(b) Positve up negative down (PUND) switching measurements for a
Pd/graphene/PbZr0.2Ti0.8O3 capacitor as a function of pulse width for
various pulse voltages. The ferroelectric polarization can be switched
completely for positive and negative voltages with pulse durations of
0.008, 0.032, and 0.51 ms for applied voltages of 3.5, 3, and 2.5 V,
respectively.
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on Si/SiO2 (typical mobility of 4000−10 000 cm2 V−1 s−1) is
the strong graphene-substrate interaction, which has been
shown to reduce carrier mobility.37

A more complex behavior, however, is observed when VG

exceeds the coercive field [Figure 2a]. Starting from VG = −5 V,
which causes the PbZr0.2Ti0.8O3 to be poled “down” (i.e.,
polarization direction shown in the upper left inset of Figure
2b), sweeping VG toward more positive values with a relatively
slow sweep rate of 0.0187 V/s for this particular case reveals
that the drain current (ID) of this device reaches a minimum at
VG = 1.36 V, the Dirac point. As VG becomes more positive, ID
starts to deviate from the “V-shape” of ambipolar behavior
expected for a graphene FET with nonferroelectric gate
dielectric. At VG ≈ 2.5 V, ID shows a pronounced maximum
followed by a strong decrease. In the reverse sweep, the Dirac
point lies at ∼3.4 V. This shift in the Dirac point is indicative of
strongly enhanced p-doping. At VG ≈ 2.5 V, another maximum
followed by a rapid decrease in ID is observed. Given that these
nonmonotonic points in the ID−VG characteristics at VG = ±2.5
V match the independently determined coercive fields of
PbZr0.2Ti0.8O3 (as shown in Figure 1a), we suggest that the
polarization reversal in the ferroelectric film is responsible for
the sudden drops in ID and the shift in the Dirac point. This
conclusion is further validated through multiple sweeps in the
same direction [Supporting Information Figure S4] and the
gate leakage current (IG) behavior [Figure 2b] where precisely
at the nonmonotonic points in ID (at VG = ± 2.5 V) there are
increases in |IG| corresponding to the polarization switching up
(down) for positive (negative) VG. These results are also similar

Figure 2. (a) Complex ID−VG characteristic for large gate voltages
with a drain voltage of 50 mV and a gate voltage sweep rate of 0.0187
V/s. Inset: Schematic of a graphene transistor on PbZr0.2Ti0.8O3. (b)
Gate current measured simultaneously to (a). Note the different scales
for drain and gate current. The gate current was always equal to or less
than 0.1% of the drain current. Insets: Schematics of the ferroelectric
polarization for different gate voltage regimes.

Figure 3. (a) Complex ID−VG characteristics of another graphene/PbZr0.2Ti0.8O3 transistor for gate voltage sweeps past the PbZr0.2Ti0.8O3 coercive
voltage for two representative sweep rates as indicated and offset for clarity. (b) Sweep-rate dependent position of the current minima defined as the
Dirac point voltage VG

DP in the forward (orange, filled diamonds) and reverse sweep (blue, open squares). The dotted line represents zero gate
voltage and separates the regimes of n- and p-doping. (c) Raman G-band position maps for a graphene transistor after gate sweeps ending at −5 V
(left) and +5 V (right) with a gate voltage sweep rate of 0.046 V/s. (d) Current evolution before (regime 1) and after a 1 ms gate voltage pulse of +5
V at t = 0 s (regime 2) for another graphene/PbZr0.2Ti0.8O3 transistor. The source−drain−current goes through a minimum corresponding to the
Dirac point for this particular device (regime 3) before reaching a new equilibrium state (regime 4). The current is monitored through integration
over 40 ms for each data point, making the pure gate-effect during the pulse indiscernible.
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to recently observed IG response of carbon nanotube network
transistors with ferroelectric polymer gate insulators.38

While the simultaneous rise in |IG| with the drop in ID is
expected at the coercive voltages where the reversal of
ferroelectric polarization occurs, the direction of the shift of
the Dirac point and therefore the direction of the hysteresis
requires further consideration. Enhanced p-doping (positive
shift of the Dirac point) upon switching the polarization up
with positive VG is in agreement with previous experimental
results for graphene17,19 and CNT39 based ferroelectric hybrid
devices. However, as discussed in the introduction, this
hysteresis cannot be caused directly by the ferroelectric
polarization and therefore must be explained by extrinsic
charging effects. This interpretation is experimentally supported
in two ways. The first set of evidence comes from the changing
behavior of graphene with VG sweep rate. Transfer character-
istics reveal that faster sweep rates actually lead to a reduction
in the p-doping of the graphene and can even lead to n-doping
as shown for the case of the sweep rate = 1 V/s [Figure 3a].
The VG sweep rate dependence of the Dirac point shift (ΔVG

DP)
[Figure 3b] may then be explained by time-dependent
charging/discharging or charge redistribution effects at the
graphene/PbZr0.2Ti0.8O3 interface. We note that for nonferro-
electric gate dielectrics, increasing VG sweep rate can only
reduce the hysteresis associated with the positive ΔVG

DP.31 This
is a distinctly different behavior than that observed for our
graphene on ferroelectric PbZr0.2Ti0.8O3 gate where the
hysteresis is first transposed to the reverse direction, then the
magnitude of the hysteresis increases with further increase in
sweep rate [Figure 3b].
The second set of evidence for extrinsic charging/molecular

adsorption effects complicating the observed hysteresis in the
transfer curves of graphene FETs on PbZr0.2Ti0.8O3 lies in the
spatial inhomogeneity of charge distribution. Switching the
polarization of PbZr0.2Ti0.8O3 from “down” to “up” poled at a
sweep rate of 0.046 V/s leads to a reduction in p-doping as
verified by the net decrease in Raman G-band position to a
nearly intrinsic level [Figure 3c]. However, local variations in
the G-band position for both the “up” and “down” poled cases
are indicatives of charge inhomogeneities. These variations in
charge density are reminiscent of “charge puddles” that have
been associated with spatial distribution of the surface potential
on nonferroelectric substrates supporting the graphene
layer.40,41 This spatial inhomogeneity also manifests itself in a
small, plateau-like shoulder in the transfer curves close to the
Dirac point resulting from different regions of the graphene
channel reaching minimum conductance at different gate
voltages [forward sweep in the bottom curve in Figure 3a for
VG ≈ 1 V]. Similar behavior in the transfer characteristics has
been shown to arise when local doping levels have been
intentionally varied by charge injection into graphene/oxide
interface trap states in a previous study.42

Given that both ferroelectric polarization and variations in
local charge density through adsorbed molecules can contribute
to the observed ferroelectric-gated graphene FET character-
istics, we now discuss the time evolution of ID upon
polarization switching using a voltage pulse [Figure 3d]. The
polarization of the PbZr0.2Ti0.8O3 film is reversed using a short
VG pulse while ID is monitored at a small applied drain voltage
VD of 50 mV. A 1 ms VG pulse is applied at t = 0 and a
sufficiently large voltage (5 V) is used to ensure complete
switching of the polarization. The graphene starts in a p-type
state (region 1). Following the gate pulse, ID drops

instantaneously (region 2). On the basis of the sweep-rate
dependence, we expect the graphene to be slightly n-type at this
stage. After the initial fast drop, ID shows a slower response
going through a minimum corresponding to the Dirac point at t
∼ 0.5 s (region 3) and then increasing to reach an equilibrium
value (region 4). The final value of ID corresponds to a net
reduction in p-doping of graphene with respect to the initial
state. The initial fast ID drop is mainly in response to the
ferroelectric polarization change. The slow change may be
attributed to reconfiguration of polar molecules at the interface
that can (1) partially screen the polarization field of the
ferroelectric and (2) cause charge redistribution between
graphene, adsorbed molecules, and/or interface trap states.
Despite the opposing slow molecular/interface effects, the final
switched state of graphene remains nonvolatile (Supporting
Information Figure S6).
The presence of opposing hysteresis mechanisms (ferro-

electric polarization vs molecular/interface effects) in our
hybrid structures can be utilized to achieve a broader range of
carrier densities (and type) in graphene to be accessible. To
demonstrate this ability, we compare the response of graphene
FETs measured in air and in vacuum (<3 × 10−7 Torr) after
annealing at 110 °C for several hours to reduce the number of
adsorbed molecules. Figure 4a shows the transfer characteristics
of a graphene FET under different conditions. These curves are

Figure 4. (a) Small gate voltage sweeps not exceeding the coercive
voltage measured after 1 ms gate voltage pulses. p-type, nearly
intrinsic, and n-type behavior can be observed after a −5 V pulse in air
(orange, filled diamonds), a −5 V pulse in vacuum (red, open
diamonds), and a +5 V pulse in vacuum (green, open squares),
respectively. (b) Multiple gate voltage pulses applied to a similar
device in air (upper panel) and resulting reversible and reproducible
switching between a highly p-doped state for the down-polarized state
and a nearly intrinsic level for the up-polarized case. The current is
monitored through integration over 100 ms for each data point,
making the pure gate-effect during the pulse indiscernible.
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measured within a small gate voltage range, well below the
coercive voltage of the PbZr0.2Ti0.8O3 film, after 1 ms gate
voltage pulses to switch the ferroelectric polarization. After a
−5 V pulse in air, switching the polarization down, the
graphene is p-doped with the Dirac point at VG ≈ 1 V. The
positive value of the Dirac point and therefore the graphene
being p-type can be attributed to a combination of doping due
to the ferroelectric polarization, extrinsic effects of polar
molecules, and charge trapping in the interface states.
Performing the same operation in vacuum, the graphene
channel is now nearly intrinsic (Dirac point at VG ≈ 0 V),
which has to be attributed to the combination of the
ferroelectric polarization and interfacial trap states after the
(partial) removal of polar molecules through the vacuum heat
treatment. A positive 5 V VG pulse in vacuum, switching the
polarization up, completely converts the graphene to n-type
(Dirac point at VG ≈ −1 V), demonstrating that the switching
of the ferroelectric polarization, rather than extrinsic effects of
adsorbed molecules, dictate the carrier type and density. The
shift in the Dirac point from VG = 1 V on a down-polarized
PbZr0.2Ti0.8O3 film in air to VG = −1 V on an up-polarized
PbZr0.2Ti0.8O3 film in vacuum corresponds to an impressively
large change in carrier density/type from ∼6 × 1012 holes/cm2

to ∼6 × 1012 electrons/cm2. The switching process utilizing
pulsed gate voltages can be used both in vacuum and in air to
switch reversibly and permanently between high- and low-
conductance states, corresponding to the graphene switching
between n-type and intrinsic in vacuum and p-type and intrinsic
in air. Devices can be switched reliably at least several
thousands of times [Figure 4b and Supporting Information
Figure S7].
In conclusion, with an improved transfer and fabrication

process we have demonstrated that graphene can reversibly
switch the ferroelectric polarization of a PbZr0.2Ti0.8O3 thin film
and the ferroelectric polarization can in turn control the carrier
type and density in graphene FETs. One of the most striking
consequences of ferroelectric polarization switching dominating
electron transport in graphene is the complete reversal of the
hysteresis direction. The positive shift of the Dirac point with
positive gate voltages, which is usually observed in graphene on
nonferroelectric substrates including the most commonly used
SiO2, has been attributed to adsorbed molecules such as H2O
and O2 enhancing charge trapping at the interface.25−28 The
same hysteresis direction has also been observed on ferro-
electric oxide substrates until now because these extrinsic
molecular effects rather than the actual ferroelectric polarization
dictate the response of graphene. These extrinsic effects should
be caused by slow molecular motion or oxidation/reduction
reactions and therefore we have been able to enhance direct
ferroelectric gate effect on graphene either by fast voltage
sweeps or voltage pulses and an optimized fabrication process,
enabling reversible and nonvolatile operation. Furthermore, we
have demonstrated that a complete conversion of a p-type
graphene into n-type through ferroelectric polarization change
is possible by controlling the extrinsic molecular effects. This
demonstration of strong influence of ferroelectric polarization
on the electronic properties of graphene opens new routes
toward manipulating this unique 2D electron system.
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M.; Hesse, D.; Baik, S.; Gösele, U. Nat. Nanotechnol. 2008, 3, 402−7.
(17) Hong, X.; Hoffman, J.; Posadas, a.; Zou, K.; Ahn, C. H.; Zhu, J.
Appl. Phys. Lett. 2010, 97, 033114.
(18) Hong, X.; Posadas, a.; Zou, K.; Ahn, C.; Zhu, J. Phys. Rev. Lett.
2009, 102, 2−5.
(19) Song, E. B.; Lian, B.; Min Kim, S.; Lee, S.; Chung, T.-K.; Wang,
M.; Zeng, C.; Xu, G.; Wong, K.; Zhou, Y.; Rasool, H. I.; Seo, D. H.;
Chung, H.-J.; Heo, J.; Seo, S.; Wang, K. L. Appl. Phys. Lett. 2011, 99,
042109.
(20) Hsieh, C.-Y.; Chen, Y.-T.; Tan, W.-J.; Chen, Y.-F.; Shih, W. Y.;
Shih, W.-H. Appl. Phys. Lett. 2012, 100, 113507.
(21) Zheng, Y.; Ni, G.-X.; Toh, C.-T.; Zeng, M.-G.; Chen, S.-T.; Yao,
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 The ability to create atomically perfect, lattice-matched hetero-
structures of complex perovskite oxides using state-of-the-art 
thin fi lm growth techniques has generated new physical phe-
nomena at engineered interfaces. The emergence of interesting 
behavior at interfaces between materials with coupled spin and 
charge degrees of freedom is fascinating from a fundamental 
perspective as well as for applications. In particular, the con-
trol of ferromagnetism with an electric fi eld could lead to new 
applications in magnetic data storage, spintronics, and high-
frequency magnetic devices which do not require large currents 
and magnetic fi elds for operation. In turn, such modalities of 
operation may pave a pathway for lower power/energy devices 
and smaller feature sizes. [  1–3  ]  Multiferroics, such as BiFeO 3  
(BFO), which simultaneously exhibit multiple order parameters 

such as magnetism and ferroelectricity, offer an exciting way 
of coupling phenomena by utilizing the intrinsic magnetoelec-
tric coupling in such materials in which the electric polariza-
tion is controlled by applied magnetic fi elds or magnetism by 
applied electric fi elds. [  4–7  ]  BFO is an antiferromagnetic, ferro-
electric multiferroic with a Curie temperature of 820  ° C and a 
Néel temperature of 370  ° C, [  8  ,  9  ]  which makes it appealing for 
room temperature applications. Various studies have focused 
on the control of the ferroelectric domain structure, the domain 
switching mechanisms and the coupling between ferroelectric 
and magnetic order parameters in BFO. [  10  ]  

 Another pathway to magnetoelectric control is the utiliza-
tion of two different types of coupling in a heterostructure. The 
intrinsic magnetoelectric coupling in a multiferroic material, 
such as BFO, will allow for electrical control of antiferromag-
netism, while subsequently the extrinsic exchange coupling 
between this antiferromagnet and an adjacent ferromagnetic 
material will create new functionalities. Exchange anisotropy, 
or bias, describes the phenomena associated with the exchange 
interactions at the interface between an antiferromagnet and a 
ferromagnet. Exchange bias has been used in a wide variety of 
applications including permanent magnets, recording media, 
and domain stabilizers in recording heads based on anisotropic 
magnetoresistance. [  11  ]  Exchange bias heterostructures based on 
multiferroic materials, including YMnO 3 , [  12–14  ]  and BFO, [  15–18  ]  
have shown that strong exchange interactions can be demon-
strated in a static manner using multiferroic antiferromagnets. 
Switching of local ferromagnetism with an applied electric fi eld 
has been demonstrated for heterostructures based on metallic 
ferromagnets (i.e., Co 0.9 Fe 0.1  or Ni 0.81 Fe 0.19 ) and multiferroics 
such as BFO [  19  ,  20  ]  and YMnO 3 . [  21  ]  

 Recently, reversible electric control of exchange bias was also 
shown for an all oxide heterostructure consisting of BFO and 
La 0.7 Sr 0.3 MnO 3  (LSMO), [  22  ,  23  ]  where epitaxial growth gives rise 
to a coherent chemical structure across the interface that can 
greatly enhance the nature of the coupling. The physical prop-
erties of the BFO-LSMO interface have been studied in detail 
to demonstrate a local ferromagnetic state related to electronic 
orbital reconstruction [  24  ]  as well as an antiferrodistortive phase 
transition. [  25  ]  The atomic control of the interface determines 
the interfacial coupling and, therefore, strongly infl uences the 
bulk ferroelectric polarization in the thin fi lm. [  26  ]  However, so 
far, the size limits to such interfacial coupling, both on the fer-
romagnet and the antiferromagnet side, is lacking. Particularly, 
the co-evolution of ferroelectricity and antiferromagnetism in 
the BFO and their infl uence on the magnetic coupling at the 
interface remains unexplored. This is the central focus of this 
study. 
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 Here, we have used the concept of oxide heteroepitaxy for 
creating such artifi cially engineered interfaces to determine 
the critical limit of the individual multiferroic and ferromag-
netic materials for generating interfacial exchange bias coup-
ling. Aided by in situ monitoring of the growth, high-quality, 
atomically precise heterointerfaces have been produced with 
unit cell control of the respective multiferroic and ferromagnet 
layer thicknesses. Systematic analysis of the magnetic hyster-
esis loops allowed us to detect exchange bias coupling down to 
5 unit cells (2.0 nm) in epitaxial BFO fi lms.   

 Heterostructures of the ferromagnet LSMO and the multi-
ferroic BFO were fabricated by pulsed-laser deposition while 
moni toring the growth process by refl ection high-energy elec-
tron diffraction (RHEED) ( Figure    1  a) (see the Experimental Sec-
tion for the deposition parameters). The surface structure and 
underlying ferroelectric domain structure were analyzed using 

piezoresponse force microscopy (PFM) and indicated the pres-
ence of stripe-like ferroelectric domains in fi lms thicker than 
30 nm (separated by 71 °  domain walls) in the BFO (Figure  1 b) 
as shown in previous studies. [  27  ,  28  ]  The polarization of the as-
grown BFO layer was oriented downwards. The polarization in 
all BFO fi lms, from 50 nm down to 2.0 nm, was found to be 
repeatedly and reproducibly switchable. [  29  ]  Structural measure-
ments by X-ray diffraction reveal single phase, fully epitaxial 
layers of LSMO and BFO, which were strained in-plane to the 
STO (001) substrate. Figure  1 c shows the presence of Kiessig 
fringes alongside the BFO 002-diffraction peak indicating a 
highly ordered crystalline sample with a very smooth inter-
face and surface. The atomic and chemical confi guration at 
the BFO/LSMO interface was studied with high angle annular 
dark-fi eld (HAADF) imaging and spatially-resolved electron 
energy-loss spectroscopy (EELS) in a scanning transmission 
electron microscope (STEM), not shown here. Detailed results 
demonstrated sharp interfaces with a local increase in the 
pseudo cubic  c  lattice parameter in the fi rst few unit cells of 
BFO adjacent to the interface, indicating an antiferrodistortive 
phase transition. [  25  ,  30  ]   

 The magnetic properties are shown in  Figure    2  a with a 
typical magnetization curve at 10 K for a 25 nm BFO/5 nm 
LSMO heterostructure with the magnetic fi eld (B) applied 
along the [100] direction of the heterostructure after mag-
netic fi eld cooling from above the T C  of the LSMO (360 K) to 
10 K at  + 1 Tesla (red) and  − 1 Tesla (blue). As a comparison, 
the magnetization curve of a single 5 nm LSMO layer (black) 
is also shown. [  31  ]  The BFO/LSMO heterostructure exhibits, at 
low temperatures, a clear enhancement of the coercive fi eld 
(H C   ≈ 150 Oe) as compared to a single LSMO layer (H C   ≈ 40 Oe) 
on STO (001) substrates and a  ≈  | 40 |  Oe shift of the hysteresis 
loop (exchange bias) is also observed. The shift of the hyster-
esis loop is opposite to the direction of the cooling fi eld, as 
expected from conventional exchange bias behavior, and sug-
gests ferromagnetic alignment between the pinned, uncom-
pensated spins in the antiferromagnet and the spins of the 
ferromagnet. [  11  ,  32  ]  An alternative mechanism, driven by the 
intrinsic Dzyaloshinskii-Moriya interaction and ferroelectric 
polarization, has also been reported. [  33  ]  More detailed analyses 
of the temperature dependence of the observed coercive fi eld 
(H C ) enhancement and exchange bias shift (H EB ) are given 

     Figure  1 .     (a) Schematic of the BFO/LSMO/STO(001) heterostructure. 
(b) In-plane and out-of-plane PFM images (top and bottom panel, respec-
tively) showing the ferroelectric domain structure of a BFO fi lm with a 
large and small subsequently electrically switched region. (c) X-ray dif-
fraction analysis of BFO/LSMO (5 nm) heterostructures with varying BFO 
thicknesses from 2 to 50 nm. Scans are shifted for clarity.  

     Figure  2 .     (a) Magnetic hysteresis loops of a BFO/LSMO heterostructure and a single LSMO layer measured along the [100] direction at 10 K after 
 + / −  1 Tesla fi eld cooling from 360 K. (b,c) Temperature dependences of the coercive fi eld H C  enhancements and exchange bias shifts H EB  in BFO/
LSMO, BFO/STO/LSMO, PZT/LSMO & STO/LSMO heterostructures and a single LSMO layer, respectively.  
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is interesting and is also consistent with prior work on the role 
of intermediary layers on exchange coupling in conventional 
exchange coupled systems. [  37  ,  38  ]  

 A clear thickness dependence of the exchange bias interac-
tions in the BFO/LSMO heterostructures is observed as the 
thickness of the ferromagnetic LSMO layer is varied ( Figure    3  ). 
The H EB  and H C  enhancement at 10 K are shown together with 
the magnetic transition temperature (T C ) for both the BFO/
LSMO heterostructures and for single LSMO layers as a func-
tion of the LSMO layer thickness. The exchange bias fi eld is 
inversely proportional to the thickness of the ferromagnetic 
layers, see inset in the top panel of Figure  3 a, which is in good 
agreement with previous studies on conventional exchange bias 
systems. [  11  ]  For single LSMO layers down to a thickness of 5 nm 
the coercive fi eld is very small and the transition temperature is 
above room temperature, see middle and bottom panel. When 
the LSMO thickness is decreased below 5 nm the coercive fi eld 
as well as the transition temperature change drastically. This is 
generally interpreted by considering a strain-induced distortion 
of MnO 6  octahedra based on the Jahn-Teller distortion theory. [  39  ]  
A recent study on ultrathin LSMO fi lms has demonstrated 
bulk-like transport/magnetic properties down to a thickness of 
5 nm before the metallic behavior progressively changed over 
to semiconducting ( ≈ 32 Å) and the disappearance of ferromag-
netism ( ≈ 12 Å). [  31  ]   

 It is important to note that the exchange bias coupling in 
BFO/LSMO heterostructures is fundamentally different from 
what has been reported in prior studies for metallic ferromag-
nets in contact with BFO. [  17  ,  18  ]  For both cases (all oxide and 
oxide antiferromagnet-metallic ferromagnet heterostructures), 
studies on the (001) surface of BFO, which is a fully compen-
sated surface, are expected to exhibit no exchange bias when 
minimal magnetic disorder as well as structural disorder [  40  ]  is 
present. Thus, another source of the pinned uncompensated 
spins is required to create exchange bias. In the case of hetero-
structures based on conventional ferromagnets [i.e., Co 0.9 Fe 0.1  
(CoFe)] that are exchange coupled to BFO, the ability to directly 
tune this exchange interaction by controlling the underlying 
domain structure of the BFO fi lm has been observed. [  17  ,  18  ]  By 
controlling the growth rate of the BFO layer, prior studies have 
shown the ability to make so called stripe-like (possessing pre-
dominantly 71 °  domain walls) and mosaic-like (possessing a 
large fraction of 109 °  domain walls) BFO fi lms and a direct cor-
relation between the magnitude of the exchange bias and the 
density of certain types of domain walls was observed. [  18  ]  This 
effect is not observed in these BFO/LSMO heterostructures. 
Regardless of the BFO domain structure, similar exchange bias 
shifts are observed at temperatures less than 120 K. This low 
temperature turn on of the exchange bias is yet another impor-
tant difference between the BFO/LSMO heterostructures and 
the previously studied Co 0.9 Fe 0.1 /BFO system that points to a 
fundamental difference in the nature of exchange coupling. 
Temperature dependence studies of Co 0.9 Fe 0.1 /BFO hetero-
structures showed no observable change in the magnitude of 
exchange bias as a function of temperature from 300 to 10 K 
regardless of the underlying BFO domain structure. This dif-
ference can be ascribed to the presence of a local ferromagnetic 
state [  24  ]  at the BFO-LSMO interface as well as an antiferrodis-
tortive phase transition. [  25  ]  

in Figure  2 b and  2 c, respectively. At higher temperatures 
the magnetic properties are determined by the thin (5 nm) 
LSMO layer and no difference can be observed between the 
heterostructures and the single layer. Although coercive fi eld 
enhancement is visible for all cases below 250 K, the BFO/
LSMO heterostructures show a much more drastic increase in 
H C , which becomes a factor of 4 larger than the LSMO single 
layer at 10 K (Figure  2 b).  

 To differentiate the role of strain, doping, and magnetic 
interactions in changing the coercive fi eld, we have studied 
several types of heterostructures. The temperature dependence 
of the coercive fi eld of a PbZr 0.2 Ti 0.8 O 3  (PZT)/LSMO hetero-
structure is shown in grey in Figure  2 b. The PZT/LSMO het-
erostructure also shows an enhancement in H C , compared to 
the single LSMO layer, consistent with prior studies. [  34  ]  It is, 
however, important to note that at all temperatures, the BFO/
LSMO heterostructures show a larger H C  compared to the 
PZT/LSMO heterostructures, hinting at an additional contri-
bution from magnetic interactions across the interface, as the 
effective polarization is similar in this direction. These BFO/
LSMO heterostructures also exhibit a clear exchange bias shift, 
which vanishes above  ≈ 100–120 K (Figure  2 c), suggesting the 
existence of a blocking temperature, [  11  ]  which is signifi cantly 
lower than the ferromagnetic T C  of the LSMO fi lm (meas-
ured to be  ≈ 320 K in these 5 nm thin fi lms). It is interesting 
to note that this blocking temperature corresponds closely to 
the temperature above which spin polarization, as measured 
by photoemission, is lost in LSMO [  35  ]  as well as the vanishing 
of tunnel magnetoresistance in LSMO/STO/LSMO tunnel 
junctions. [  36  ]  Although exchange bias interactions are observed 
between LSMO and BFO, it is not present in the case of a 
single LSMO layer or PZT/LSMO heterostructure. The fact 
that the exchange bias shifts are only observed in heterostruc-
tures of the ferromagnet LSMO together with the ferroelectric/
antiferromagnetic BFO and not with the ferroelectric PZT 
points to the integral role that the antiferromagnetic proper-
ties of the BFO play in determining the properties of such 
heterostructures. 

 In order to explore this further, we introduced a thin non-
magnetic STO spacer layer of 2, 4, or 10 unit cells (0.8, 1.6, and 
4 nm, respectively) in between the BFO and LSMO layers; in 
addition, we also prepared STO/LSMO heterostructures, with 
the BFO completely replaced by a similar thickness of STO. The 
results of these experiments on the coercive fi eld as well as the 
exchange bias are included in Figure  2 b and c. It is fascinating 
to note that even with only 2 unit cells of STO between the 
LSMO and BFO, the coercive fi eld drops to a value very close 
to that observed for the LSMO/PZT heterostructure. Further 
increases of the STO thickness has a minimal further effect on 
the coercive fi eld. Additionally, when the BFO is not present 
(i.e., a STO/LSMO heterostructure), we observe another drop 
in the coercive fi eld to a value close to that of the pure LSMO 
layer. Most importantly, in all cases, we observe no exchange 
bias when a STO interlayer is present, clearly indicating that 
the non-magnetic STO layer has magnetically decoupled both 
layers and eliminated the contributions of uncompensated 
spins at the interface and prevents exchange bias coupling, 
see Figure  2 c. The fact that there is a clear dependence of the 
exchange bias and coercive fi eld as a function of the STO layer 
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Figure  3 b shows a clear thickness dependence of the 
exchange bias coupling on the variations in thickness of the 
antiferromagnetic BFO layer. The exchange bias shift H EB  
decreases monotonically with decreasing BFO layer thick-
nesses with the absence of any peak-like feature at the critical 
thickness. This has been theoretically modeled to result from a 
high conversion factor, i.e. high interfacial ordering, [  46  ]  which 
suggests a close to perfect BFO/LSMO interface with low dis-
order, in good agreement with STEM-EELS analysis of the 
interface. [  25  ,  30  ]  In contrast to the exchange bias shift H EB , the 
observed coercive fi eld H C  remained high for all BFO thick-
nesses. As the magnetic transition temperature T C  is deter-
mined by the constant ferromagnetic LSMO layer of 5 nm, no 
variations are observed. 

 Experimentally it is found that a reduced antiferromagnetic 
BFO layer thickness will lower the blocking temperature below 
which exchange bias coupling occurs, see  Figure    4  . For a fi xed 
antiferromagnetic layer thickness, there exists a critical value 

 The theoretical expression for exchange bias coupling pre-
dicts that there is a critical thickness for the antiferromagnetic 
layer below which the exchange bias cannot exist. [  41  ]  Below this 
critical thickness the interfacial energy is transformed into coer-
civity. Above the critical thickness the exchange bias increases 
as a function of the antiferromagnetic layer thickness, reaching 
the asymptotic (ideal) value for exchange bias when the thick-
ness is infi nite. This has been experimentally demonstrated 
for conventional metallic systems [  42–44  ]  and can be qualitatively 
understood within the Meiklejohn and Bean model. [  45  ]  When 
the hardness of the antiferromagnetic layer is reduced, the anti-
ferromagnetic spins will rotate under the torque created by the 
ferromagnetic layer through the interfacial magnetic coupling. 
The shape of the exchange bias as function of antiferromag-
netic thickness, however, can be different from one system to 
another depending on the anisotropy of the antiferromagnet, 
the interfacial exchange coupling parameter and the interfacial 
ordering. [  46  ]   

     Figure  3 .     Thickness dependence of (a) the ferromagnetic LSMO layer and (b) the multiferroic BFO layer on the exchange bias shift H EB  at 10 K (top), 
coercive fi eld H C  enhancement at 10 K (middle) and transition temperature T C  (bottom) for BFO/LSMO heterostructures with respectively (a) constant 
50 nm BFO top-layer (black circles) and (b) constant 5 nm LSMO bottomlayer (black triangles). Data for single LSMO layers (open triangles) are also 
shown. The inset shows the inverse proportionality of the exchange bias shifts H EB  with the LSMO layer thickness. Lines are guides to the eye.  
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 In summary, we have studied exchange bias coupling in 
BFO/LSMO heterostructures for variable thicknesses of the 
individual multiferroic and ferromagnetic layers. For thick 
multiferroic BFO layers the exchange bias fi eld is inversely pro-
portional to the thickness of the ferromagnetic layers, which 
is in good agreement with previous studies on conventional 
exchange bias systems. Furthermore, for ultrathin multifer-
roic BFO layers a critical thickness of 2 nm, i.e., 5 unit cells, 
was determined below which the exchange bias cannot exist. 
As previous studies have shown that the ferroelectric polari-
zation remains present in these BFO/LSMO heterostructures 
even down to BFO thicknesses of only 4 unit cells, the evo-
lution in antiferromagnet behavior of the multiferroic BFO 
layer determines the interfacial exchange bias coupling. The 
dependence of the antiferromagnetic ordering on the BFO 
layer thickness was demonstrated by LD-XAS, which showed a 
strongly reduced linear dichroism for ultrathin BFO layers. In 
conclusion, an ultrathin limit of 2 nm was determined for the 
multi ferroic BFO layer thickness, above which exchange bias 
coupling to the ferromagnetic LSMO layer will occur.  

 Experimental Section 
 Epitaxial heterostructures of the ferromagnet LSMO and the multiferroic 
BFO were grown by pulsed-laser deposition with variable layer 
thicknesses in the range of 2 to 50 nm. TiO 2 -terminated SrTiO 3  (STO) 
(100) substrates have been used, which were prepared by a combined 
HF-etching/anneal treatment, [  48  ]  exhibiting an atomically smooth surface 
with clear unit-cell-height steps. All substrates had vicinal angles of 
 ≈ 0.1 ° . Stoichiometric LSMO and BFO targets were ablated at a laser 
fl uence of 1.5 J cm  − 2  and a repetition rate of 1 or 2 Hz for the growth 
of LSMO and BFO, respectively. During growth, the substrate was held 
at 750  ° C in an oxygen environment at 200 mTorr for LSMO, [  31  ]  while for 
BFO the conditions were adjusted to 670  ° C and 100 mTorr. [  18  ]  RHEED 
analysis demonstrated intensity oscillations indicating layer-by-layer 
growth mode for the total LSMO layer, while a transition from layer-by-
layer growth to step-fl ow growth was observed during the initial growth 
of BFO. This resulted in a controlled, very low roughness surface without 
any island formation. This was supported by the continuous presence 
of only 2-dimensional spots in the corresponding RHEED patterns, 

for the antiferromagnetic anisotropy for which the exchange 
bias coupling can exist. [  11  ]  Considering that the antiferromag-
netic anisotropy increases steadily below the Néel temperature, 
this results in blocking temperatures of about 120 K for thick 
BFO layers. While for thinner BFO layers the critical value for 
the antiferromagnetic anisotropy is achieved at correspond-
ingly lower temperatures. Figure  4  shows the decrease of the 
blocking temperature from 120 to 40 K when the BFO layer 
thickness is reduced from 25 to 3.6 nm.  

 X-ray absorption spectroscopy (XAS) spectra were recorded 
at the Fe- L 2,3   edge corresponding to the 2p to 3d dipole transi-
tion in order to study the evolution of antiferromagnetism in 
these ultrathin BFO fi lms. The spin-orbit interaction of the Fe 
2 p  core hole splits the spectrum into two broad multiplets, the 
 L 3   (2p 3/2 ) edge at lower photon energy and the  L 2  ( 2p 1/2  )  edge 
at higher photon energy. Using linearly polarized radiation, 
two spectra can be measured when the polarization vector is 
set parallel to the crystallographic  c -axis or perpendicular to it 
(I c  and I ab , respectively). [  47  ]  The difference between those spectra 
(I ab   −  I c )/(I ab   +  I c ) provides the linear dichroism (LD) values, 
which originates from anisotropies in the spin and charge of 
the material. In the case of BFO an additional ferroelectric con-
tribution can be expected besides the antiferromagnetic order. 
However, previous characterization of the ferroelectric proper-
ties of these BFO/LSMO heterostructures have demonstrated 
the presence of a constant ferroelectric polarization in this BFO 
thickness range. [  29  ]  Therefore, analysis of linear dichroism in 
these heterostructures gives direct insight into the evolution of 
the antiferromagnetic ordering. LD-XAS measurements were 
performed on BFO/LSMO heterostructures with variable BFO 
layer thicknesses between 2 and 50 nm. The dependence of the 
linear dichroism, i.e., antiferromagnetic ordering, on the thick-
ness of the BFO layer is shown in  Figure    5   together with the 
evolution of the exchange bias coupling. A close relationship 
between the enhanced antiferromagnetic ordering in the multi-
ferroic BFO layers and the increasing exchange bias coupling 
can be observed for thicker BFO layers within the BFO/LSMO 
heterostructures.  

     Figure  5 .     Experimental LD-XAS measurements at 17 K at the Fe- L 2,3   edge 
for BFO/LSMO heterostructures with BFO thicknesses between 2.0 and 
50 nm. XLD asymmetry in percent of the XAS  L 3   peak height signal, 
together with exchange bias shifts H EB .       Figure  4 .     Temperature dependence of the exchange bias shift H EB  for 

BFO/LSMO heterostructures with various BFO layer thicknesses and a 
constant 5 nm LSMO bottomlayer. Lines are guides to the eye.  
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indicating a very well controlled growth to fabricate high-quality BFO/
LSMO interfaces. After the growth, the heterostructures were slowly 
cooled to room temperature in 1 Atm. of oxygen at a rate of 5  ° C/min to 
optimize the oxidation level. In order to probe the details of the coupling 
at the BFO/LSMO interface, we have inserted, in some heterostructures, 
epitaxial interlayers of nonmagnetic STO between the LSMO and the BFO 
layers with thicknesses varying between 2 and 10 unit cells. These STO 
interlayers were grown in layer-by-layer mode at 750  ° C and 100 mTorr. 
Furthermore, PbZr 0.2 Ti 0.8 O 3  (PZT)/LSMO heterostructures have been 
fabricated as well at similar growth conditions. Analysis techniques, 
such as piezoresponse force microscopy (PFM) and X-ray diffraction 
(XRD), were used to demonstrate the surface topography, ferroelectric 
domain structure and crystallinity of the BFO/LSMO heterostructures. 
The magnetic properties have been measured in the temperature range 
10–360 K with the magnetic fi eld applied in-plane along the  < 100 >  of the 
STO substrate crystal using a Quantum Design SQUID Magnetometer 
(MPMS). Linear dichroism was investigated for several BFO/LSMO 
heterostructures by X-ray absorption spectroscopy (XAS) measurements 
at 17 K of the Fe- L 2,3   edge at the Advanced Light Source (Lawrence 
Berkeley National Laboratory) to directly probe the evolution of spin/
charge anisotropies in ultrathin BFO fi lms.  
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ABSTRACT: Pyroelectric materials have been widely used for a range of thermal-related
applications including thermal imaging/sensing, waste heat energy conversion, and
electron emission. In general, the figures of merit for applications of pyroelectric materials
are proportional to the pyroelectric coefficient and inversely proportional to the dielectric
permittivity. In this context, we explore single-layer and compositionally graded
PbZr1−xTixO3 thin-film heterostructures as a way to independently engineer the
pyroelectric coefficient and dielectric permittivity of materials and increase overall
performance. Compositional gradients in thin films are found to produce large strain
gradients which generate large built-in potentials in the films that can reduce the
permittivity while maintaining large pyroelectric response. Routes to enhance the figures
of merit of pyroelectric materials by 3−12 times are reported, and comparisons to
standard materials are made.
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■ INTRODUCTION

Ferroelectric materials have been utilized for a wide variety of
applications including memories, actuators, infrared sensors,
and electron emitters due to their susceptibility to electric field,
stress, and temperature, respectively.1−4 In general, the relative
potential of a material for a given application can be described
by an appropriate figure of merit (FoM). Focusing on
ferroelectrics, one can generate figures of merit for memory,
actuator, thermal, and other applications that are distinctly
different. For the discussion here, we focus on thermal
applications including infrared sensors and electron emitters
where the FoM is π/Cpεrε0 (where π is the pyroelectric
coefficient and Cp is the heat capacity, εr is the dielectric
permittivity, and ε0 is the permittivity of free space, henceforth
referred to as FoMIR)

5,6 and for pyroelectric energy conversion
(PEC) systems where the figures of merit are π2/εrε0 or a
closely related electrothermal coupling factor k2 = π2T/Cpεrε0
(where T is the temperature of operation, henceforth referred
to as FoMPEC).

7−9 In the end, the definition of an appropriate
FoM enables rapid assessment of what must be done to
optimize or differentiate candidate ferroelectric materials for
utilization in applications as diverse as memory, actuator/
transducer, and thermal applications (i.e., thermal imaging/
sensing,10 waste heat energy conversion,11 and electron
emission12−14).
Upon closer inspection of the figures of merit for thermal

applications a few terms are obviously important including the
heat capacity, the pyroelectric coefficient, and the dielectric
permittivity. Many of the highest performance pyroelectric
materials are complex oxide systems with generic ABO3
chemistry. These materials generally possess heat capacity
values that lie within a relatively small range (2−3.2 J/cm3

K),8,15 making it difficult to tune these values in a
technologically significant way. In turn, optimization of the
pyroelectric performance of materials requires that one can
independently enhance the pyroelectric coefficient (which
describes the change in polarization of these materials with
an applied temperature and dictates the quantity of charge that
can be produced by a temperature stimulus) and suppress the
dielectric permittivity (which describes the small-field, electric-
field response of a material and is often used as a stand-in for
electronic losses in a material in the FoM).16 This optimization,
however, is quite difficult in conventional materials where
dielectric and pyroelectric responses are generally enhanced by
the same generic features (i.e., proximity to structural phase
transitions driven by chemistry, temperature, strain, etc.)
making it difficult to decouple these effects. As a result,
applications in the field of pyroelectrics have primarily focused
on materials such as LiNbO3 and LiTaO3

5,6 which possess
moderate pyroelectric coefficients (−83 and −176 μC/m2K,
respectively) but low room-temperature permittivity (31 and
54, respectively) and heat capacity values (2.8 and 3.16 J/cm3K,
respectively).17 In turn, for LiNbO3 (LiTaO3) the FoMIR =
0.108 m2/C (0.116 m2/C), and at 300 K the FoMPEC = 0.0027
(0.0062). Despite success in the application of such materials in
macroscale devices, integration of these materials into advanced
nanoelectronics and thin-film-based devices has been limited by
the inability to produce films of these materials with the same
properties and quality as single crystals.12
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In turn, the development of thin-film-based pyroelectrics
with similar performance could enable utilization of these
materials in new devices and presents additional routes by
which to tune the responses using epitaxial strain, electrical
boundary conditions, film thickness, artificial heterostructures,
and more.18,19 For example, epitaxial strain has been utilized to
tune the pyroelectric coefficient and dielectric permittivity of
PbZr0.2Ti0.8O3 thin films by controlling the 90° domain wall
density.20,21 Another area of study of particular interest for this
work is that on compositionally graded ferroelectric thin films
(including work on PbZr1−xTixO3, and other materials) which
has revealed a range of novel phenomena such as built-in
electric fields which give rise to self-poling,22 shifted hysteresis
loops,23,24 enhanced pyroelectric susceptibilities,25−28 and
signatures of geometric frustration.29 Such built-in biases are
typically generated by inhomogeneous strains in multi-
component superlattices30,31 or by global composition
gradients.22−27 Extensive theoretical24,32−34 and experimen-
tal22−27 studies of compositionally graded ferroelectric
heterostructures have proposed a range of intrinsic and
extrinsic factors that could give rise to the built-in fields in
these systems, but the work has been hampered by confusion as
to the actual physical response. Early experiments on
compositionally graded heterostructures reported a shift in
the polarization (vertical) axis of the hysteresis loops, which
was believed to be caused by gradients in the polarization
within the material. The measured vertical offsets, however,
were found to be explicitly dependent on the measurement
circuit (i.e., the reference capacitor of the Sawyer−Tower
circuit and the applied voltage),27,35 to exhibit an exponential
approach to a stable equilibrium after the application of an
electric field, and to result in unphysical values of polarization
(>250 μC/cm2 in compositionally graded PbZr1−xTixO3
films).23,36 Later work37 indicated that these observed shifts
should, in fact, be along the voltage (horizontal) axis due to a
built-in electric field but can manifest themselves as a
polarization offset in a hysteresis measurement under certain
measurement conditions. The observed horizontal shifts are, in
turn, distinctly different from the shifts that arise from extrinsic
effects such as asymmetric electrodes38 or the inhomogeneous
distribution of oxygen vacancies36 in the ferroelectric.
Here we demonstrate the utilization of compositional

gradients in thin-film heterostructures as a route to
independently tune the pyroelectric and dielectric response of
the canonical ferroelectric PbZr1−xTixO3, thereby potentially
enabling advanced thin-film thermal applications. Using such
compositional gradients, we can engineer strain gradients to be
>105 m−1 (nearly 5−6 orders of magnitude larger than that
achievable in bulk materials) which can, in turn, generate large
built-in potentials39 in the films that can effectively reduce the
permittivity while maintaining large pyroelectric responses. As a
result, we demonstrate figures of merit that are enhanced by 3−
12 times as compared to single-layer PbZr1−xTixO3 films and by
1.1−4 times compared to standard materials such as LiNbO3
and LiTaO3.

■ EXPERIMENTAL METHODS
Film Growth. Single-layer and compositionally graded versions of

100 nm PbZr1−xTixO3 (PZT)/30 nm SrRuO3/GdScO3 (110)
heterostructures were grown using pulsed-laser deposition from
Pb1.1Zr0.2Ti0.8O3 and Pb1.1Zr0.8Ti0.2O3 targets.39 The laser fluence
and repetition rate were maintained at 1.9 J/cm2 and 3 Hz for all PZT
growths and 1.8 J/cm2 and 13 Hz for the growth of the SrRuO3. The

bottom electrode SrRuO3 films were grown at 630 °C in an oxygen
pressure of 100 mTorr. The compositionally graded heterostructures
were synthesized by continuously varying the composition from
PbZr0.2Ti0.8O3 to PbZr0.8Ti0.2O3 and vice versa using a programmable
target rotator (Neocera, LLC) that was synced with the excimer laser.
The compositionally up-graded and down-graded heterostructures
were grown at 600 and 560 °C, respectively, at an oxygen pressure of
200 mTorr. For all the samples, films were cooled in an oxygen
pressure of 700 Torr. Symmetric capacitor structures were fabricated
by subsequent deposition of 80 nm SrRuO3 top electrodes defined
using a MgO hard-mask process.40 In this work, we focus on four
sample variants: (1) single-layer PbZr0.2Ti0.8O3 (PZT20:80), (2)
single-layer PbZr0.8Ti0.2O3 (PZT80:20), (3) compositionally up-
graded PZT (which possesses a smooth transition between
PbZr0.2Ti0.8O3 and PbZr0.8Ti0.2O3 upon transitioning from the
substrate to film surface, up-graded), and (4) compositionally down-
graded PZT (which possesses a smooth transition between
PbZr0.8Ti0.2O3 and PbZr0.2Ti0.8O3 upon transitioning from the
substrate to film surface, down-graded).

Dielectric and Ferroelectric Properties. The dielectric
permittivity was extracted from the measured capacitance (C) using
C = ((ε0εrA)/d) where A is the area of the capacitor and d is the
thickness of the film. Prior to measurement, the films were poled with
a negative bias for 0.1 ms, and films were measured at remanence. The
dielectric permittivity as a function of frequency was measured with an
ac excitation voltage of 8 mV (rms) (corresponding to a field of 0.8
kV/cm) at various applied background dc electric fields ranging from 0
to −900 kV/cm. Ferroelectric hysteresis loops were measured using a
Radiant Multiferroics Tester as a function of frequency from 0.1 to 20
kHz.

Pyroelectric Measurements. The pyroelectric coefficient (π) was
measured using a phase-sensitive method.21,41 A sinusoidal temper-
ature oscillation of the form T = Tb + T0 sin(ωt) with a background
temperature of 320 K (Tb) and 1.25 K (T0) amplitude was applied to
the samples at 0.02 Hz (ω = 0.125 rad/s.). The pyroelectric current
can be extracted as ip = pAT0ω cos(ωt) as the pyroelectric current
should be phase-shifted from the temperature oscillations by 90°. The
measured pyroelectric currents were fitted to a sine function (i0 sin (ωt
+ ϕ)) to extract the magnitude (i0) and phase (ϕ) of the pyroelectric
current with respect to the temperature oscillation. The pyroelectric
coefficient was then obtained by considering the out-of-phase
component of the measured current as p = i0 sin(ϕ)/AT0ω.

■ RESULTS AND DISCUSSION

Previous studies39 have revealed that single-layer PZT20:80
films are coherently strained to the substrate, while single-layer
PZT80:20 films are partially relaxed. A similar asymmetry in
strain relaxation is observed in the compositionally graded
variants. Up-graded variants exhibit a nearly coherently strained
tetragonal-like structure with lattice parameters a = 3.973 Å and
c = 4.136 Å, while the down-graded variants exhibit complete
strain relaxation and peaks for both the rhombohedral
(PZT80:20) and tetragonal (PZT20:80) phases including
evidence of in-plane a domain formation. This asymmetry is
readily understood based on the fact that the lattice mismatch
between PZT20:80 and PZT80:20 and the substrate is 0.8%
(tensile) and −3.5% (compressive), respectively. As a result,
films with PZT80:20 near the substrate are much more
susceptible to strain relaxation as compared to those with
PZT20:80 near the substrate. Thus, in both the single-layer
PZT80:20 and down-graded variants rapid strain relaxation
occurs, and this presents the topmost Ti-rich phase with an
effectively larger in-plane lattice parameter than the GdScO3
substrate which results in the formation of in-plane oriented a
domains. When the Ti-rich material is grown at the substrate
interface, as is the case of the up-graded heterostructures, the
small lattice mismatch with the substrate is easily accom-
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modated, and the subsequent Zr-rich material is presented with
in-plane lattice parameters that are more favorable for
generating a compressively strained variety of the Zr-rich
phases. This has a direct analog to what has been observed in
compositionally graded semiconductor heterostructures where
large strains can be achieved across the film thickness because
locally the lattice mismatch throughout the film is considerably
smaller. These observations have been further confirmed via
piezoresponse force microscopy studies of the domain
structure. Both single-layer PZT20:80 and up-graded hetero-
structures reveal the presence of c/a/c/a domain structures. On
the basis of the observed coherently strained nature of these
films, a strain gradient of ∼4 × 105 m−1 is expected in the up-
graded heterostructures.
Subsequent studies of the dielectric and ferroelectric

properties of these different heterostructure variants reveal
dramatic differences (Figure 1). Recall that the capacitor
structures use in these studies consist of symmetric top and
bottom SrRuO3 electrodes. As expected for such symmetric
capacitor structures, both the single-layer PZT20:80 and
PZT80:20 heterostructures reveal ferroelectric hysteresis
loops with large saturation and remanent polarization values
that are symmetric about the zero bias (Figure 1a). The
compositionally down-graded heterostructures also exhibit
ferroelectric hysteresis loops that are symmetric about zero
bias but with greatly diminished saturation and remanent
polarization values (as a result of the presence of a large fraction
of in-plane-oriented domains that are not switchable in the out-
of-plane device structure). Compositionally up-graded hetero-
structures, on the other hand, reveal ferroelectric hysteresis
loops that are shifted in the positive direction along the applied
field axis due to the presence of a built-in potential.39,42 Such
built-in potentials arise due to the flexoelectric coupling
between the strain gradient and the polarization in the out-
of-plane direction.39,42−45

Beyond differences in the ferroelectric hysteresis loops in
these single-layer and compositionally graded heterostructures,
significant variation in the dielectric permittivity (εr) is
observed (Figure 1b). The single-layer PZT80:20 and
compositionally down-graded heterostructures exhibit relatively
large dielectric permittivity due to their complex domain
structures39 which likely increase the extrinsic contribution
from domain walls to the overall response. The single-layer
PZT20:80 heterostructure reveals an intermediate dielectric
permittivity consistent with the presence of c/a/c/a domain
structures.20 Finally, the compositionally up-graded hetero-
structures exhibit relatively low dielectric permittivity, con-

sistent with what is expected for monodomain PZT20:80,
which can potentially be explained by the presence of the built-
in potential in the films with large strain gradients.
To understand the importance of the built-in potential for

the decrease in dielectric permittivity, we carried out
capacitance measurement as a function of frequency between
1 and 200 kHz at different applied background dc electric fields.
It has been demonstrated46 that the applied background dc
electric field can effectively suppress the extrinsic contributions
from domain wall motion and allows for a quantitative
measurement of the intrinsic response of the materialin
other words, it provides a way to deconvolute intrinsic and
extrinsic effects in materials. This is achieved by fitting the
frequency dependence of the permittivity at each applied
background dc electric field to the equation ε = εi − α log f and
extracting the field dependence of the intercept (εi) and slope
(α). From this data, one can extract the field at which extrinsic
contributions are suppressed and the zero-field, intrinsic
permittivity of a material. Here we report such background
dc electric field measurements for both the single-layer
PZT20:80 (which exhibit c/a/c/a domain structures and no
built-in potential) (Figure 2a) and the compositionally up-
graded (which exhibit c/a/c/a domain structures and a built-in
potential) (Figure 2b) heterostructures. In general, the
magnitude of the dielectric permittivity decreases as the applied
background dc electric field is increased in magnitude from 0 to
−900 kV/cm on samples previously poled with large negative
fields. The PZT20:80 heterostructures reveal ∼60% reduction
in the dielectric permittivity with increasing applied background
dc electric field (Figure 2a), whereas the compositionally up-
graded heterostructures reveal only a ∼36% reduction (Figure
2b). Upon fitting the data, we extract values of εi and α as a
function of applied background dc electric field.
For simplicity, we show the evolution of εi only for the

PZT20:80 (Figure 2c) and the compositionally up-graded
heterostructures (Figure 2d). For both, the data reported are
the average of measurements of three typical capacitors, and in
general the response is very uniform across the capacitors (as
evidenced by the small error bars). The data for the PZT20:80
heterostructures reveal two clear regimes (a low- and high-field
regime) with a change in the trend around a field of magnitude
400−500 kV/cm. The low-field regime is generally thought to
include information about both the intrinsic and extrinsic
contributions to the permittivity, and the high-field regime is
thought to be indicative of the response with the extrinsic
contribution to permittivity suppressed. Linear fits to the low-
field regime provide information about how the applied

Figure 1. (a) Polarization−electric field hysteresis loops (measured at 1 kHz) and (b) dielectric permittivity (εr) as a function of frequency
(measured at an ac excitation field of 0.8 kV/cm) for single-layer and compositionally graded heterostructures.
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background dc electric field suppresses the extrinsic response
(slope, s) and zero-field intrinsic−extrinsic permittivity
(intercept, i). Linear fits to the high-field regime provide
information about how the applied background dc electric field
suppresses the intrinsic response (slope, s) and the zero-field
intrinsic permittivity (intercept, i). There is an order of
magnitude decrease in the slope of the trends as one moves
from the low- to high-field regimes (0.361 to 0.021 cm/kV,
respectively) suggesting that the extrinsic response is much
more susceptible to suppression with external fields. Addition-
ally, the intercepts of the low- and high-field regimes are ∼278
(close to that studied in the dielectric measurements near zero-
field, Figure 1b) and ∼115 (close to that expected for
monodomain PZT20:80).47,48 In other words, ∼55% of the
zero-field, room-temperature permittivity arises from extrinsic
contributions (consistent with prior observations of such
materials).20

On the other hand, in compositionally up-graded hetero-
structures, which possess a built-in potential, only ∼20% of the
zero-field, room-temperature permittivity arises from extrinsic
contributions. Again, the background dc electric field measure-
ments exhibit two response regimes, similar to the PZT20:80
heterostructures, across the field range studied herein with a
change in the slope again occurring around a field of magnitude
400−500 kV/cm (Figure 2d). The slope of the low-field regime
(0.054 cm/kV), however, is much smaller than that of the
PZT20:80 heterostructure (0.361 cm/kV) suggesting that the
extrinsic contribution is considerably smaller and that the
presence of the built-in potential dramatically reduces the
susceptibility of the domain walls to the ac excitation field. The
slope of the high-field regime, on the other hand, is essentially
the same (0.023 cm/kV) as that of the PZT20:80
heterostructures (0.021 cm/kV) suggesting that the funda-
mental response of the materials to the ac excitation field is

similar. The intercepts of the low- and high-field regimes for the
compositionally up-graded heterostructures are ∼101 (close to
that studied in the dielectric measurements near zero-field,
Figure 1b) and ∼83 (accounting for the shift in the hysteresis
loops). Again, these numbers are close to that expected for
monodomain PZT20:80 but are less than that observed for the
PZT20:80 heterostructures. We conjecture that the lower value
observed for the extrapolated zero-field response in the
compositionally up-graded heterostructure could be the result
of the strain gradient in the film producing an inhomogeneous
local field that can locally suppress the dielectric permittivity in
regions where the field is highest. In turn, since the sample is
then effectively a number of capacitors of different capacitance
in series, the overall capacitance (and thus the permittivity) is
dominated by the regions with the lowest response. Regardless,
this study suggests that the presence of the built-in potential
can greatly diminish the extrinsic contribution to permittivity.
This potential effectively changes the energy landscape of the
system, whereby it stiffens the domain walls against motion
under the application of small ac excitation fields.
Having established the role of the built-in potential in driving

changes in the ferroelectric and dielectric properties, we
proceed to understand the effect of compositional grading on
the evolution of pyroelectric response. The pyroelectric studies
were completed with a sinusoidally varying temperature
excitation centered about a background temperature of 320 K
with a 1.25 K amplitude at 0.02 Hz (Figure 3a). The
pyroelectric currents from the single-layer PZT20:80 and
PZT80:20 heterostructures were probed for reference (Figure
3b and c, respectively). The magnitude of the pyroelectric
current, and therefore the pyroelectric coefficient, from the
PZT20:80 was greater than that of PZT80:20. Values of
pyroelectric coefficients are given in Table 1. Likewise the
compositionally up-graded and down-graded heterostructures

Figure 2. Dielectric permittivity is measured as a function of frequency at different applied background dc electric fields for (a) single-layer
PZT20:80 and (b) compositionally up-graded heterostructures. The intercept (εi) obtained from a linear logarithmic fit of the dielectric
permittivity−frequency data at different applied background dc electric fields is plotted as a function of the applied background dc electric fields for
(c) single-layer PZT20:80 and (d) compositionally up-graded heterostructures. s and i are the slope and intercept values obtained from linear fits
(red lines) of the εi data.
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were also probed (Figure 3d and e) and exhibited pyroelectric
coefficients of a similar magnitude with the pyroelectric
coefficient for the up-graded heterostructure being larger than
that of the down-graded heterostructure (Table 1). The
pyroelectric coefficients of the PZT20:80 and compositionally
up-graded heterostructure are similar (−300 and −291 μC/
m2K), and more importantly, the presence of the built-in
potential does not detrimentally influence the pyroelectric
response of the material. The PZT80:20 exhibits a pyroelectric
coefficient of −229 μC/m2K, and the compositionally down-
graded heterostructures exhibit a pyroelectric coefficient of
−185 μC/m2K. The observed differences are consistent with
the ferroelectric domain structures observed in these
heterostructures. The PZT20:80 and compositionally up-
graded heterostructures exhibit c/a/c/a domain structures
with a large volume of c domains (out-of-plane polarization)
contributing to a relatively large pyroelectric current for a given
temperature oscillation. On other hand, the PZT80:20
heterostructures exhibit a mosaic (rhombohedral) domain

structure, and the compositionally down-graded heterostruc-
tures have in-plane oriented tetragonal domains which
contribute to the observation of a lower pyroelectric current
compared to that of tetragonal c domains when measured along
the [001] out-of-plane direction as completed herein.
The impact of these observations of dielectric and pyro-

electric response can be summarized by revisiting the figures of
merit described previously. Here we compare FoMIR and
FoMPEC for the four heterostructure variants (Table 1). The
heat capacity for the single-layer and compositionally graded
PZT heterostructures is assumed to be ∼3 J/cm3K, consistent
with published reports,15 and is assumed constant for all films.
The limited usefulness of PZT materials for such pyroelectric
applications is illustrated by the single-layer PZT20:80. Despite
possessing a large pyroelectric coefficient, the correspondingly
large dielectric constant leads to a rather pedestrian FoM.
Among the four heterostructure variants, however, the
compositionally up-graded heterostructure, as would be
expected, reveals the largest figures of merit (FoMIR = 0.129
m2/C and FoMPEC = 0.0113) due to the presence of a large
pyroelectric coefficient and low dielectric permittivity. For both
the PZT80:20 and compositionally down-graded heterostruc-
tures, the large dielectric permittivity (resulting from a complex
domain structure) paired with rather smaller pyroelectric
coefficients (resulting from the presence of some fraction of
in-plane-oriented polarization) gives rise to low figures of merit.
The large figures of merit for the compositionally up-graded
heterostructure, however, are comparable and better than the
traditionally utilized systems. For thermal imaging and
pyroelectric energy conversion applications, respectively, the
compositionally up-graded heterostructures are 1.1−1.2 times
and 1.8−4.2 times larger than the figures of merit for
ferroelectric single crystals of LiNbO3 and LiTaO3 (Table 1).
These findings are important because for the first time it has
been demonstrated that large pyroelectric figures of merit for a
range of important and technologically relevant devices can be
achieved in materials that can be readily generated as high-
quality thin films. It should also be noted that the PZT family of
materials has experienced considerable attention as both
ferroelectric memories and for actuator/sensor applications,
and thus existing infrastructure and knowledge bases exist on
how to create these materials via scalable methodologies.
Furthermore, the approach (i.e., the application of composi-
tionally gradients) should be applicable to a wide range of
materials and systems. The research on compositionally graded
ferroelectric thin films has not been widely developed, and
additional systemspotentially including Pb-free alterna-
tivesmay be developed. Additionally, the findings may have
impacts beyond thermal applications to both tunable dielectrics,
piezoelectrics, piezoelectric energy harvesting, and more.
Overall, the approach illustrated herein suggests that composi-
tionally grading materials may give researchers the ability to
deterministically tune and control dielectric, ferroelectric, and
pyroelectric properties individuallythereby decoupling these
effects and allowing for exacting design of high-performance
materials.

■ CONCLUSION
In summary, we have observed that certain compositionally
graded PZT heterostructures can be controlled to exhibit
relatively low dielectric permittivity (as compared to single-
layer and compositionally down-graded heterostructures) due
to the presence of built-in potentials. The presence of the built-

Figure 3. (a) Sinusoidal temperature variation applied to extract
pyroelectric responses of (b) single-layer PZT20:80, (c) single-layer
PZT80:20, (d) compositionally up-graded, and (e) compositionally
down-graded heterostructures.

Table 1. Pyroelectric Coefficients (π), Dielectric Permittivity
(εr), Heat Capacity (Cp), and the Thermal Imaging (FoMIR)
and Pyroelectric Energy Conversion (FoMPEC) Figures of
Merit for Single-Layer and Compositionally Graded
Heterostructures and Classic Pyroelectric Materials
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in potential effectively diminishes the extrinsic contribution
from the motion of domain walls to dielectric permittivity and
renders the response commensurate with that expected from a
single-crystal material. At the same time, the presence of the
built-in potential does not impact the pyroelectric response,
and large values of the pyroelectric coefficient are obtained. In
the end, the combination of large pyroelectric coefficient and
low dielectric permittivity in compositionally up-graded PZT
heterostructure gives rise to large figures of merit, as large as
4.2-times larger for some cases, than those observed in single
crystals of LiNbO3 and LiTaO3. This exciting discovery could
open up new materials and new small-scale applications within
the realm of thermal effects including applications such as
infrared sensors, pyroelectric electron emission systems, and
pyroelectric energy conversion of waste heat.
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In ferroelectrics, the effect of domain wall motion on properties has been widely studied, but

non-motional or stationary contributions from the volume of material within the domain wall

itself has received less attention. Here we report the measurement of stationary domain

wall contributions to permittivity in PbZr0.2Ti0.8O3 films. Studies of (001)-, (101)- and

(111)-oriented epitaxial films reveal that (111)-oriented films, in which the motional domain

wall contributions are frozen out, exhibit permittivity values approximately three times larger

than the intrinsic response alone. This discrepancy can only be accounted for by considering

a stationary contribution from the domain wall volume of the material that is 6–78 times

larger than the bulk response, and is consistent with predictions of the enhancement of

susceptibilities within 90� domain walls. This work offers new insights into the microscopic

origin of dielectric enhancement and provides a pathway to engineer the dielectric response

of materials.
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T
he search for ferroelectric materials with high electric field
(dielectric), stress (piezoelectric) and thermal (pyroelectric)
susceptibilities has garnered much attention in recent

years, as these materials serve as the foundation for modern
memory1–3, sensor and actuator4–6, and thermal imaging and
infrared detector systems7–9. To ultimately understand the nature
of such responses, it is imperative to understand the various
contributions to the susceptibility in these complex materials.
Since ferroelectrics typically possess complex domain structures
with homogeneously polarized domains separated by domain
walls, the susceptibility consists of two major contributions. The
first is the so-called intrinsic contribution arising from the change
in the polarization to an applied stimulus within the bulk of the
domains. The second is the so-called extrinsic contribution,
which refers to the contribution that arises due to the motion of
domain walls under an applied stimulus10–18. Beyond the
motional extrinsic contribution from domain walls, various
reports have highlighted the potential importance of what has
been alternatively called a stationary or frozen contribution that
arises from the response of the volume of the ferroelectric
material within the finite width of the domain walls to an applied
stimulus irrespective of any lateral displacements or deformations
of the wall19–22.

As early as 1970s, the importance of these various contribu-
tions to ferroelectric susceptibility was already under investiga-
tion. Early studies of dielectric permittivity in BaTiO3 revealed
what was suspected to be a large domain wall contribution to
permittivity even at excitation fields where the lateral displace-
ment of domain walls was unlikely23. Subsequent theoretical
studies probed the possibility of the weak measurement fields
inducing nuclei on the existing domain walls and thus promoting
protuberance-type oscillation, but revealed that these could only
account for a small fraction of the observed permittivity change24.
Soon after this it was conjectured that the material within the
domain walls themselves could possess significantly enhanced
dielectric permittivity19,25. Such models suggested that 180�
domain walls in BaTiO3 could possess permittivity almost an
order of magnitude larger than the bulk of the domains. More
recently, advanced Ginzburg–Landau–Devonshire (GLD) models
have probed the role of polarization gradients near 90� domain
walls in BaTiO3 to suggest that such domain walls could give rise
to an enhancement of susceptibilities between 1.1 and 1,000 times
larger than the bulk22. Despite these predictions as to the
potential importance of such stationary contributions, it has
proven difficult to quantitatively measure and isolate the
stationary contribution (possibly because of the small relative
volume associated with domain walls in most samples). In turn,
much work on polydomain ferroelectrics has neglected the
stationary contribution and focused solely on enhancements that
can be explained by motional extrinsic contributions. Regardless,
it is clear that in order to fully understand the response of a
ferroelectric to an applied stimulus, one must consider not only
the response of the bulk material within the domains but also the
response of the domain walls to the applied stimuli.

Here we use a combination of theoretical and experimental
approaches to investigate the effect of 90� domain walls on the
dielectric permittivity of (001)-, (101)- and (111)-oriented
PbZr0.2Ti0.8O3 thin films. Using phenomenological GLD models
we calculate the intrinsic and motional extrinsic contributions to
permittivity for these different film orientations. Thin-film
epitaxy is employed to synthesize highly controlled model
versions of these films. The choice of these three orientations
enables us to tune the density of domain walls and thus the
relative magnitude of the stationary domain wall contribution to
permittivity. In particular, we observe that in (111)-oriented films
we can produce high-density, nanotwinned domain structures

made entirely of 90� domain walls. Subsequent comparison of the
measured dielectric permittivity and the GLD models reveals a
large enhancement of the permittivity that is consistent with a
large stationary domain wall contribution. From these measure-
ments we find that the magnitude of the stationary domain wall
response is 6–78 times larger than the intrinsic response within a
domain. These observations provide the first quantitative
measurement of the stationary contribution of domain walls
and reveal that the large responses at the domain wall can be
utilized to improve the overall dielectric susceptibilities.

Results
GLD models. In order to study the intrinsic and motional
extrinsic contributions to the dielectric permittivity, we con-
sidered thin films of the tetragonal ferroelectric PbZr0.2Ti0.8O3

grown epitaxially on (001)-, (101)- and (111)-oriented cubic
substrates. We utilize the Helmholtz free energy formalism
applicable to ferroelectric films with dense domain structures to
calculate the domain structures and dielectric susceptibilities as a
function of substrate orientation and epitaxial strain26–28.
Consistent with prior approaches, we assume homogeneous
strain fields within the domains and neglect the domain wall self-
energies and inter-domain electrostatic interactions. Applying
short-circuit electrical boundary conditions, the free energy of the
system is minimized as a function of the in-plane strain imposed
by the substrate so that we can calculate the equilibrium
polarizations (P1, P2, P3) and domain fractions. Using these
models, we can then calculate explicitly the out-of-plane
permittivity (e?) as the sum of the intrinsic (the first term) and
the motional extrinsic (the second term) contributions17,26–29 as

e? ¼
X

i

fi �
d2F

d P?ið Þ2

 !� 1

þ
X

i

P?i �
dfi

dE

ði ¼ 1; 2; 3 corresponding to domains with polarization PiÞ
ð1Þ

where fi is the fraction of domains with polarization Pi, F is the
free energy formalism, P?i is the out-of-plane polarization
component of Pi and E is the electric field along the substrate
normal (for details see Supplementary Note 1). Note that these
models exclude stationary domain wall contributions from the
portion of the material contained within the finite width of the
domain walls.

The domain volume fraction (f) and dielectric permittivity
(e?) have been calculated numerically for all three orientation
variants as a function of misfit strain (Fig. 1). For comparison, the
strain regime that was explored was chosen to correspond to
theoretically predicted epitaxial strains that give rise to c/a/c/a
polydomain structures in (001)-oriented films26,30. Schematic
illustrations of the expected domain structures in each
film orientation are provided (see Supplementary Fig. 1). In
(001)-oriented films, the volume fraction of c domains (f001)
is observed to decrease with increasing tensile strain, while
the volume fraction of a domains (f100 and f010) increases as a
result of the tensile strain that favors in-plane oriented
polarization (Fig. 1a). A similar competitive trend is observed
in (101)-oriented films where the population of the in-plane
polarized domains (f0010) increases and the fraction of out-
of-plane polarized domains (f0100 and f0001) deceases
with increasing strain (Fig. 1b). This is not the case for the
(111)-oriented films, however, which due to symmetry, possess
three energetically degenerate domain types and thus an equal
volume fraction (f00100 ¼ f00010 ¼ f00001 ¼ 1=3) of each domain
separated by 90� domain walls at all values of misfit strain
considered (Fig. 1c). Correspondingly, we can observe the impact
of changing film orientation on e? (Fig. 1d–f). In general, the
intrinsic contribution to permittivity increases as the substrate
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normal is inclined more towards the [100], which is similar to the
monodomain case where the permittivity exhibits higher
values along non-polar directions (that is, [111]) than polar
directions (that is, [001]) in tetragonal ferroelectrics31,32. This is
due to the anisotropic dielectric response of PbZr0.2Ti0.8O3

where the permittivity along the [100] is larger than that along
the [001]32. Thus the enhanced intrinsic response in (101)- and
(111)-oriented films arises from the fact that additional intrinsic
contributions are activated. It is also noted that the increasing
tensile strain results in an increasing intrinsic response in the
(001)-oriented films, which behaves in an opposite trend
as compared to the (101)- and (111)-oriented films due to the
fact that the intrinsic response of each polarization variant in
(001)-oriented films increases while this component in (101)- and
(111)-oriented films decreases with increasing tensile strain. At
the same time, the relative contribution from the motional
extrinsic response decreases as we move from (001)- to (101)-
oriented films (as a result of less preferential alignment of
the electric field with a single polarization variant) and
completely vanishes in (111)-oriented films owing to the
constant volume fraction of the three polarization variants,
which is independent of the electric field. Similar to BaTiO3 single
crystals poled along [111] (ref. 33,34), the extrinsic contribution
from domain wall motion will be ‘frozen out’ in (111)-oriented
PbZr0.2Ti0.8O3 films. In addition, the motional extrinsic
contribution dfi=dEð Þ for (001)- and (101)-oriented films
behaves differently with increasing strain, leading to an
increasing and decreasing extrinsic contribution in (001)- and

(101)-oriented films, respectively. Despite these differences,
across the entire strain regime studied here and for all three
film orientations, the overall predicted e? is found to exist in a
rather narrow range between 220 and 290.

Thin film growth and domain structures. We proceed to
examine model ferroelectric thin films of different orientations
experimentally. We focus on 150 nm PbZr0.2Ti0.8O3/10 nm
SrRuO3 or La0.7Sr0.3MnO3/SrTiO3 (001), (110) and (111) hetero-
structures grown via pulsed-laser deposition (see Methods for
details). The domain structure of the films was probed via pie-
zoresponse force microscopy (PFM). In (001)-oriented
PbZr0.2Ti0.8O3 thin films, we observe c/a/c/a domain structures
that are commonly seen in tetragonal ferroelectric thin films and
consist of majority out-of-plane polarized c and in-plane polar-
ized a domains separated by 90� domain walls (Fig. 2a)35,36. The
density of 90� domain walls is known to increase with increasing
tensile strain, which corresponds to an enhancement of the
motional extrinsic contribution to the low-field permittivity
in (001)-oriented films17,26,27. Considerably, less work in this
vein, however, has been undertaken for (101)- and (111)-oriented
films37.

Thus, here we provide detailed studies of domain structures
and permittivity in (101)- and (111)-oriented films. In the (101)-
oriented films the PFM images reveal a mixed domain pattern
where the majority of the sample is made up of domains with
polarization along the [001], which is oriented at an angle of
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B43.6� from the plane of the film, while the remaining structure
consists of stripe-like domains possessing only in-plane polariza-
tion components pointing along the [010] or ½0�10� (Fig. 2b). In
(111)-oriented films, however, a complex metastable domain
structure was observed in the as-grown state (see Supplementary
Fig. 2), and in order to probe the equilibrium domain structure,
the samples were poled with a series of þ /� 6 V biases applied
locally to a PFM tip to switch a 2.5 mm� 2.5 mm region (samples
were switched between 2 and 6 times). Following such poling, a
complex, ordered, nanotwinned domain pattern with a high
density of uncharged 90� domain walls was observed (Fig. 2c).
The observed domain structure is the result of the tiling of
three types of domain bands, separated by 120� with average
domain band widths of B300 nm. Within each domain band, the
domain structure consists of a mixture of all three degenerate
polarization variants (pointing along the ½0�10�, ½00�1� and ½�100�,
which are oriented at an equal angle of B33.9� from the plane of
the film) distributed into two sub-bands, with each sub-band
being made-up of only two of the polarization variants, consistent
with prior predictions38. Reciprocal space-mapping studies
confirm the above polydomain structures for the various film
orientations (see Supplementary Fig. 3). Regardless of the film
orientation, the PFM studies indicate the presence of no 180�
domain walls as a result of the preferential out-of-plane direction
of the polarization that is induced by the asymmetric electrical
boundary conditions (that is, the presence of a bottom electrode).
Thus, in comparison to traditional bulk ceramic samples, these
films provide a well-characterized model system exhibiting
controllable domain structures possessing only a single type of
domain wall (that is, 90�).

The PFM analysis further allows for the direct quantification of
the domain structures—in particular, the determination of the
domain wall density (l, defined as the total length of domain
walls in a given area) and the volume fraction of minority
domains (fmin, defined as the volume fraction of the domain type
that possesses the smallest population among all polarization
variants in the case of a poled film). Further definition and
schematic illustrations of these minority domains are provided
(see Supplementary Fig. 1). In (001)- and (101)-oriented films,
the minority domain represents the domain with the polarization
pointing in the plane-of-the-film (along the [100], [010] and
[010], [0�10], respectively). Due to symmetry in (111)-oriented
films, however, one can select any of the three polarization
variants as the minority domain as they all form an equal angle
with the normal direction of the substrate and occur in equal
fractions. Details of the analysis are provided in the
Supplementary Information (see Supplementary Fig. 4 and
Supplementary Note 2), but briefly, image analysis of the PFM
domain structure images allows for the selection and measure-
ment of the perimeter and area of all domain types, and hence the
direct measurement of l and the area fraction of the domains. To
estimate fmin, we have assumed a uniform width of the domains
throughout the thickness of the film39–42. It should be noted that
this assumption matches the assumptions of the GLD models
(or, in other words, matches the ideal domain structure that
would be predicted from such models), but might slightly
overestimate the volume density if the domains are more
wedge-shaped43. Regardless, this potential slight discrepancy
has little to no impact on the overall conclusion of the data below.
The values of l and fmin are provided (Table 1). From this
analysis, it is clear that the (111)-oriented films possess domain
wall densities that are at least 3–5.5 times larger than the values
for (001)- and (101)-oriented films, and that the experimentally
observed fmin value is consistent with the degeneracy of the three
polarization variants in (111)-oriented films calculated from the
GLD models.

This work reveals that in addition to the use of epitaxial
strain44, film thickness36 and film composition45 to manipulate
domain structures in ferroelectrics, film orientation is another
effective route by which to control the domain structure and
domain wall density. In fact, (111)-oriented films enable the study
of domain structures and densities that are not possible in other
orientations at these film thicknesses. This enhanced density of
domain walls will boost the contribution of such features to the
overall response to applied stimuli. Furthermore, due to the
degeneracy of the different domain variants, the extrinsic
contribution from the domain walls is expected to be solely due
to the stationary domain wall contributions (not motional
extrinsic contributions), which presents a unique opportunity to
study the stationary response of domain walls to external stimuli
quantitatively.

Dielectric properties of the films. Detailed dielectric character-
ization of symmetric capacitor structures of the various orienta-
tions of films was performed (see Methods for details). For all
measurements reported herein, the capacitor structures were
subjected to current–voltage and ferroelectric characterization
first, including multiple switching processes to assess the nature
of the hysteresis loops and to assure measurements of poled
capacitors only. Only capacitors showing symmetric current–
voltage response and well-saturated, symmetric and imprint-free
hysteresis loops across the frequency range 1 Hz–10 kHz were
probed (see Supplementary Figs 5,6 and Supplementary Note 3).
The quality of the films and the accuracy of the measurements
of domain wall density and domain fraction are confirmed
using the procedure of ref. 46, and the estimated values of
polarization along the [001] are found to be approximately
constant across the different orientations. Subsequently, the room
temperature low-field dielectric permittivity (e?) was measured
with an AC excitation field with an amplitude of 50 mV (in the
frequency range from 0.1 to 10 kHz). The amplitude of the
applied field was confirmed to be in the reversible regime via
Rayleigh studies (see Supplementary Fig. 7 and Supplementary
Note 3). The (001)- and (101)-oriented films show values
within the range e? ¼ 185–267, while the (111)-oriented films
exhibit significantly enhanced e? ¼ 654–691 across this same
frequency range (Fig. 3).

A comparison of these measured values with the calculated
permittivity from the GLD models was made by extracting the
data point from Fig. 1 at the experimentally measured fmin given
in Table 1. The calculated e? (including both intrinsic and
extrinsic contributions) for all three orientations shows small
differences (all orientations are predicted to have values between
220 and 250), which agrees well with the experimental results for
(001)- and (101)-oriented films. The (111)-oriented films,
however, show a significant discrepancy between the experimen-
tally measured and theoretically predicted values. As is noted in
the discussion of the GLD model for the (111)-oriented films, all
three degenerate polarization variants are present in equal volume
fractions, and these fractions will not vary with the application of
an electric field, thus leading to an absence of a motional extrinsic

Table 1 | Domain structure analysis of PbZr0.2Ti0.8O3 films.

Orientation k (l m� 1) /min (%)

(001) 8.91 15.3
(101) 16.3 19.9
(111) 48.9 33.3

Line density of 90� domain walls (l) and volume fraction of minority domains (fmin) measured
for (001)-, (101)- and (111)-oriented films.
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contribution. The experimental results, however, imply that e?
for (111)-oriented films is greatly enhanced with increasing
domain wall density (or decreasing average domain width). This
enhancement suggests that the high density of domain walls in
the (111)-oriented films could potentially give rise to a stationary
domain wall contribution that can enhance the permittivity.

To further quantify this stationary domain wall contribution,
we utilized an equivalent electrical circuit model to calculate the
effective domain wall permittivity. Previous studies38 suggest that
the 90� domain walls present in the (111)-oriented
heterostructures, by symmetry and to avoid charged domain
boundaries, should be inclined from the plane of the film at an
angle of B33.9�. When applying electric field along the normal
direction of the film, the electric field lines should proceed
straight along the normal direction within the domains,
but will be deflected from the vertical direction within the
domain walls according to the appropriate Maxwell equation
(see Supplementary Fig. 8). Thus an appropriate model of an
equivalent circuit for this system requires that we treat the
domain and domain walls as capacitors in series where the
effective thickness of each capacitor is geometrically calculated
based on the path length of the field within that element. Detailed
description of the calculation process has been provided in
Supplementary Note 4. Using the experimentally measured
average domain width (B40 nm), the experimentally measured
e? (B670), the calculated intrinsic dielectric permittivity (B245)
and by assuming the domain wall width to be (conservatively)
1–10 nm39–42,47, one can estimate edw to be 1,500–19,000, which
is 6–78 times larger than the expected intrinsic response
within a domain. As noted above, recent theoretical work using
a decoupling approximation and GLD modelling suggests the
possibility of up to a thousandfold enhancement of the dielectric
susceptibility and piezoelectric response across 90� domains walls
in tetragonal ferroelectrics (like those found in our samples) due
to structural and polarization inhomogeneities within the domain
wall region22. Our work, in turn, experimentally demonstrates
that high-density, stationary 90� domain walls could provide
significantly enhanced dielectric response in the epitaxial thin
films, particularly at large domain wall densities.

Discussion
The above results show that the application of electric field along
certain non-polar directions in tetragonal ferroelectrics can be
used to effectively ‘freeze out’ the domain wall motion, and thus
enables us to probe the stationary domain wall contribution to
susceptibility. This is aided by the fact that growth of (111)-
oriented films produces a configuration of numerous degenerate
polarization variants, enables the application of electric fields
along non-polar directions and produces domain wall densities
high enough to promote the stationary domain wall contribution
to be comparable in magnitude to the intrinsic response from the
bulk of the domains. These observations, made possible by the
simplicity of the engineered domain structure in the epitaxial thin
films, and our ability to directly probe the type, density and
response of these domain wall structures in different orientations
produce a complementary approach to the study of ferroelectric
single crystals with fields applied along different crystallographic
directions and provide an opportunity to re-examine the
importance of domain structure in controlling field-induced
response.

These studies suggest that the stationary domain wall
contribution to ferroelectric susceptibility should be given
additional attention for its potential to enhance overall material
performance. To date, the understanding of intrinsic and
motional extrinsic responses in these materials has led researchers
to decrease the average domain size to enhance susceptibilities.
The observed increase in performance, although likely partially
enhanced by extra-motional extrinsic contributions, could also be
strengthened by simultaneous turn-on of stationary domain wall
contributions. In one extreme case one could imagine that in
systems controlled to have extremely fine domain structures,
domain wall–domain wall interactions could lessen the extent of
motional extrinsic contributions while still exhibiting enhance-
ments in susceptibility from the stationary domain wall
contribution. The failure to consider such stationary domain
wall contributions, in turn, could result in the attribution of
performance enhancements to the wrong feature in the material.
Our work suggests that motional extrinsic contributions to
permittivity are (at best) a factor of two times larger than the
intrinsic response, while stationary domain wall contributions
could be as large as 6–78 times larger than the intrinsic
response48,49. This work provides a new intellectual framework
in which to consider ferroelectric susceptibilities and to explain
observations in a range of samples. Our observations provide new
insights into the microscopic structural origin of enhanced
ferroelectric susceptibilities and a new approach to optimize the
properties of epitaxial thin films.

Methods
Sample preparation. 150 nm PbZr0.2Ti0.8O3/10 nm SrRuO3 or La0.7Sr0.3MnO3/
SrTiO3 (001), (110) and (111) heterostructures were grown via pulsed-laser
deposition. The growth of PbZr0.2Ti0.8O3 was carried out at an oxygen pressure of
200 mTorr at 635 �C with a laser fluence of 0.9–1.0 J cm� 2 and a laser repetition
rate of 3 Hz. The growth of SrRuO3 and La0.7Sr0.3MnO3 was accomplished at an
oxygen pressure of 100 and 200 mTorr, respectively, at 645 �C with a laser repe-
tition rate of 12 and 3 Hz, respectively. After the growth, the samples were cooled at
5 �C min� 1 at an oxygen pressure of 760 mTorr.

Crystal and domain structure characterization. PFM measurements were car-
ried out using a Cypher AFM (Asylum Research) using Ir/Pt-coated conductive
tips (Nanosensor, PPP-NCLPt, force constantB48 N m� 1). The detailed polar-
ization maps were generated under the single-frequency vector PFM mode that
enables the simultaneous imaging of the phase (y) and amplitude (A) from both the
lateral and vertical piezoresponse signal. To elucidate the PFM contrast, the PFM
signals were processed in the form of a combination (A cosy) of phase and
amplitude. The X-ray y–2y scans and reciprocal space maps were obtained by
high-resolution X-ray diffraction (XPert MRD Pro, equipped with a PIXcel
detector, PANalytical).
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Electrical measurements. All the electrical measurements were performed on
capacitor structures of PbZr0.2Ti0.8O3 films with symmetric electrodes of SrRuO3

or La0.7Sr0.3MnO3. The patterned circular top electrodes were fabricated by an
MgO hard mask technique50, and the measurement was conducted on capacitors
with the top electrode diameter ranging from 25 to 200mm. The current–voltage
and polarization–electric field hysteresis loops were measured using a Precision
Multiferroic Tester (Radiant Technologies, Inc.). The room temperature
low-field permittivity and the loss tangent were measured using an E4980A LCR
meter (Agilent Technologies). All samples were prepoled prior to the dielectric
measurement. During the measurement, the bottom electrode was driven by
an AC electric field with an amplitude of 50 mV in the frequency range
of 0.1 to 10 kHz.
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O
ver the past decade great strides
havebeenmade toward electronics
that utilize both electron charge

and spin.1,2 For instance, spin-transfer tor-
quememories rely on the injection of a spin-
polarized current to flip themagnetization of
a free layer in a magnetic tunnel junction.3,4

Direct control of spin polarization would
greatly optimize the performance of such
devices, enabling more robust and efficient
computing architectures by conveying in-
formation through spin transport in the

solid state.5�8 Recent advances in thin-film
growth techniques have enabled the syn-
thesis of oxide heterostructures where
strain and charge effects are used to rever-
sibly control spin polarization and magne-
tization at interfaces.9�15 In particular there
is growing interest in the connection be-
tween strain and magnetism in materials,
most notably in the active tuning of magne-
tization via a coupling of local strain gradi-
ents and spin states through the so-called
“flexomagnetic” effect.16,17 Flexomagnetism
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ABSTRACT Magnetoelectric oxide heterostructures are proposed active layers for

spintronic memory and logic devices, where information is conveyed through spin

transport in the solid state. Incomplete theories of the coupling between local strain,

charge, and magnetic order have limited their deployment into new information and

communication technologies. In this study, we report direct, local measurements of strain-

and charge-mediated magnetization changes in the La0.7Sr0.3MnO3/PbZr0.2Ti0.8O3 system

using spatially resolved characterization techniques in both real and reciprocal space.

Polarized neutron reflectometry reveals a graded magnetization that results from both

local structural distortions and interfacial screening of bound surface charge from the

adjacent ferroelectric. Density functional theory calculations support the experimental observation that strain locally suppresses the magnetization

through a change in the Mn-eg orbital polarization. We suggest that this local coupling and magnetization suppression may be tuned by controlling the

manganite and ferroelectric layer thicknesses, with direct implications for device applications.

KEYWORDS: spintronics . magnetoelectrics . strain engineering . polarized neutron reflectometry .
transmission electron microscopy
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describes the interactions between strain gradients
and local spins; the presence of varying local strains
may therefore give rise to a sizable flexomagnetic
contribution to magnetization.16�18

The current understanding of localized strain and
charge-transfer effects on magnetization is limited,
since previous studies have relied on nonlocal probes
that are unable to directly map strain and valence
changes.19 Studies of magnetoelectric heterostruc-
tures of the ferromagnetic, half-metal La1�xSrxMnO3

(LSMO) and the piezoelectric PbZrxTi1�xO3 (PZT) ex-
emplify the inherent complexity of these systems.
Previous work has found that charge-transfer screen-
ing of the adjacent ferroelectric layer is largely respon-
sible for coupling in ultrathin (<4 nm) LSMO films on
PZT,20�22 while other studies have shown that varia-
tions in layer thickness and interfacial strain can also
affect magnetization.23�28 In these studies the local
strain state of the LSMO/PZT interface was not mea-
sured. The relationship between interfacial strain and
chemistry is also an important consideration in con-
trolling the behavior of these materials, since previous
studies have shown that strain fields around disloca-
tions can act as fast paths for interfacial interdiffusion
in LSMO/PZT.29,30 It remains unclear how local strains
evolve as a function of layer thickness, how strain and
charge-transfer screening act in concert to mediate
interfacial magnetization, and, more importantly, how
to deterministically control this behavior.
To better understand flexomagnetism and magne-

toelectric coupling in oxides, it is necessary to move
beyond bulk probes of strain and magnetization to-
ward local measurements of strain and interfacial
charge-transfer screening.31�33 Here we synthesize
heterostructures with different local strain and polar-
ization states. Using a combination of local atomic and
magnetic characterization, in conjunction with density
functional theory (DFT) calculations, we find evidence
for significant strain-induced magnetization changes.
We show that large strain changes occur throughout
the magnetic layer and that they can be tuned by an
appropriate choice of substrate thickness. Further-
more, we show evidence for interfacial charge-transfer
screening, which is secondary to dominant strain
effects in thicker layers. Our analysis suggests that it
is possible to favor a particular coupling mode by an
appropriate choice of ferromagnet and ferroelectric
layer thickness. By using local probes of structure and
magnetization we are able to resolve strain and mag-
netization changes within each layer that would be
inseparable by bulk techniques.

RESULTS AND DISCUSSION

We used a substrate-induced self-poling technique
to vary the electrostatic boundary conditions of the
bottom electrode interface, so as to pole the PZT away
from (on La0.7Sr0.3MnO3 (LSMO)) or toward (on SrRuO3

(SRO)) the substrate, which we term as poled-up and
-down, respectively.34�38 Using this method it is pos-
sible to control the polarization of the PZT without the
need for large, leaky planar electrodes that would
preclude neutron measurements. Four heterostruc-
tures were deposited on single-crystal SrTiO3 (001)
substrates by pulsed laser deposition (PLD). Oxide
metal underlayers of either LSMO or SRO were depos-
ited on a bulk SrTiO3 substrate, followed by either a
“thick” (23�37 nm) or “thin” (13 nm) PbZr0.2Ti0.8O3

layer and a cap of ∼10�19 nm LSMO, as shown in
Figure 1. These thicknesses were chosen to explore the
changes in strain profiles associated with gradual
relaxation of PZT to the bulk.
Aberration-corrected scanning transmission elec-

tron microscopy (STEM) was conducted to confirm
the quality of the LSMO/PZT interfaces. High-angle
annular dark field (HAADF) images show that the layer
thicknesses are nominally constant in the plane of the
film (Figure 1 and Supporting Information). The rever-
sal of the PZT polarization between the LSMO and SRO
underlayers is also confirmed locally by measuring the
Ti4þ cation displacement at several points along the
interface (Figure 1C,G).39 Since all the film layers were
grown in situ, it was not possible to conduct piezo-
response force microscopy (PFM) measurements with-
out disturbing the pristine interfaces between each
layer. X-ray diffraction (XRD) shows that, in-plane, the
films are constrained to the substrate (see Supporting
Information). However, as we later discuss, the local
strain state of the top LSMO layer varies greatly
depending on the choice of underlayer and PZT
thickness.
Macroscopic magnetic hysteresis measurements

(Figure 2A,B) reveal a thickness-dependent saturation
magnetization (MS). The data shown have been nor-
malized to the entire thickness of LSMOpresent in each
sample. A remarkable 50% (∼0.6 μB/Mn) difference in
MS occurs between poled-up and -down heterostruc-
tures based on thick PZT (Figure 2A). A smaller 10�20%
(0.1�0.2 μB/Mn) difference in MS occurs between
poled-up and -down heterostructures based on thin
PZT (Figure 2B). For comparison, MS ≈ 1 μB/Mn is
expected for La0.67Sr0.3MnO3 at room temperature.40

These differences are also reflected in the Curie tem-
perature (TC) (Figure 2C): the samples deposited on the
thin PZT have a TC of 335�342 K, while the samples on
thick PZT show a TC of 328�331 K, compared to a
nominal bulk TC of ∼360 K.41

To probe the local origin of these magnetization
differences, polarized neutron reflectometry (PNR) was
conducted at 298 K with an in-plane magnetic field of
1 T. Magnetization depth profiles (Figure 2D�G) show
that the MS of the top LSMO layer varies spatially
but is generally suppressed near the vacuum surface
as well as at the PZT interface, as has been previously
observed.42 Strain-induced distortions of LSMO can
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suppress TC and consequently room-temperature
magnetization.43�46 The suppression of TC due to strain-
induced distortions in LSMO results from changes in

the Mn�O�Mn bond angles that govern electron
hopping between the Mn-eg states responsible for
double exchange.47�49 Because of the sensitivity of

Figure 2. Top: (A, B) In-plane vibrating sample magnetometry (VSM) measurements conducted at 305 K along the [100]
substrate direction, showing a∼50% increase in saturation between the poled-up and poled-down thick PZT samples (A) and
a 10�20% increase in saturation for the thin PZT samples (B). (C) Moment versus temperature measurements conducted in a
100 Oe magnetic field measured on heating show a significant enhancement of TC with decreasing PZT thickness. Bottom:
(D�G) Polarized neutron reflectometry (PNR)magnetization depth profiles measured at 298 K andwith an in-planemagnetic
field of 1 T along the [100] substrate direction. The insets show themeasured spin asymmetry (Rþþ � R� �)/(Rþþþ R� �) and
the fits to the data. The vertical dashed lines mark the boundaries between adjacent film layers. The lighter (black) lines are a
model that assumes uniform magnetization throughout each LSMO layer, while the heavier (blue) lines are a model that
allows for gradedmagnetization through the LSMO. The arrows in the inset show regions of improved fitting (as indicated by
a smaller chi-squared value). There is a clear suppression of magnetization across the majority of the top LSMO layer in D, as
well as suppression near the vacuum and PZT interfaces in the other samples E�G.

Figure 1. (A, E) Illustrationof the twofilm structures used in this study,with the PZTpolarizationdirection indicatedby the arrows.
Characteristic high-angle annular dark field (STEM-HAADF) images of the top (B, F) and bottom (D, H) PZT interfaces, showing the
absence of any extrinsic defects. (C, G) Cross-correlated images of the PZT layer, confirming the change in polarization; the insets
are the result of multislice simulations, with the horizontal dash corresponding to the center of the unit cell.
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the double-exchange mechanism to strain, local strain
fluctuations;if present;may give rise to the graded
magnetization profiles observed in PNR.
Geometric phase analysis (GPA) was used to test this

hypothesis by measuring strains directly from TEM
micrographs with ∼0.1% accuracy down to the nano-
meter scale.50,51 In all samples the in-plane strain is
essentially uniform over the 3�5 nm integration win-
dow, varying by <0.1%. We note that there is good
agreement between the average GPA-measured c/a
axial ratios and those measured by XRD (see supple-
mental Table SII). The out-of-plane strain relative to
bulk unstrained LSMO increases normal to the PZT
interface, reaching a maximum at the vacuum surface.
Using this technique we are able to map the local c/a
axial ratio within each sample (Figure 3B). This analysis
reveals that for both thick PZT samples (Figure 3C,D)
the c/a of the LSMO increases from ∼0.96 at the PZT
interface to 1.01�1.03 at the vacuum surface. This
corresponds to a strain gradient of approximately
(2.95�4.76) � 106 m�1. The poled-down thin PZT
sample (Figure 3F) shows a similar trend, increasing
from∼0.98 at the PZT interface to∼1.03 at the vacuum
surface (a gradient of 4.76 � 106 m�1). However, the
poled-up thin PZT sample (Figure 3E) shows a
U-shaped profile that drops from ∼1.04 at the PZT
interface to ∼0.97 at the middle of the LSMO and
increases to∼1.05 at the vacuum surface. The changes
coincide with significantly different c/a ratios in the
adjacent PZT layer, which ranges from 1.04 to 1.1,
suggesting that the interfacial strain state is heavily
dependent on the tetragonality of the underlying PZT
layer, as well as the thickness of the LSMO layer. More
importantly, a comparison of the PNR and GPA data

shows that, in general, an LSMO c/a that deviates
outside of the range 0.98�0.995 coincides with local
suppression of magnetization, which agrees well with
changes in bulk properties.52 The observed strain
fluctuations may correlate to local spin changes, parti-
cularly since they are comparable in magnitude to the
strains needed to induce a measurable flexoelectric
effect in other systems.53,54 While direct flexomagnet-
ism is limited to a subset of symmetry classes, indirect
flexomagnetism is expected to be present in all mag-
netoelectrics, wherever polarization and magnetiza-
tion are coupled.55

To estimate the strain-induced suppression of mag-
netization in the samples, we turn to the empirical
model of Millis et al.47 and density functional theory
(DFT) calculations. Millis et al. proposed a model that
relates TC to the substrate strain-induced enhance-
ment of the Jahn�Teller distortion relative to un-
strained bulk LSMO (see Experimental Section).47,56

We choose this model since it allows us to directly
substitute the averaged local Æc/aæ, extracted from the
experimental GPA, to obtain an estimate of TC. We then
conducted DFT calculations to explore the electron�
lattice effects mediating the microscopic coupling in
detail.
For the poled-up PZT samples we find fromGPA that

Æc/aæLSMO ≈ 0.99�1.01, and we estimate TC ≈ 249�
295 K for the top LSMO layer using the Millis et al.
model. These out-of-plane strains appear to greatly
suppress the ferromagnetic ordering of the top layer,
as is observed in PNR (Figure 2D,F). In contrast, for
the poled-down samples, we find that Æc/aæLSMO ≈
0.98�0.995, and we estimate TC ≈ 319�327 K. These
distortions result in a higher TC and larger average

Figure 3. (A) Characteristic STEM-HAADFmicrographof the LSMO/PZT interface; the inset shows the fast Fourier transformof
the PZT layer. (B) Characteristicmap of local c/a axial ratios in the LSMO and PZT layers. This ratio varies throughout the LSMO
but is largest at the vacuum interface. (C�F) Line scans of c/a normal to the LSMO/PZT interface for all four films. The vertical
line indicates the PZT boundary, while the horizontal dashed region indicates the c/a range outside of whichmagnetization is
expected to be suppressed.
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magnetization across the LSMO (Figure 2E,G). The
predicted and measured Curie temperatures for the
poled-down samples are in excellent agreement
(Figure 2C); however, the agreement for the poled-up
samples is worse, perhaps because these samples
include two LSMO layers and the measurement of TC
is less accurate.
We next perform spin-polarized DFT calculations

within the generalized-gradient approximation plus
Hubbard-U method on a series of LSMO structures to
isolate the contributions of epitaxial strain from inter-
facial charge transfer on TC and Mn-eg orbital polariza-
tion. We choose lattice constants consistent with the
experimental epitaxial constraints and Æc/aæLSMO ratios
ranging from 0.985 (poled-up thick PZT) to 0.994
(poled-down thick PZT). We note that these axial ratios
refer to themetric shape of the simulation cell, not local
octahedral elongations, and thus deviations from the
local strain measurements determined using GPA are
expected. The atomic positions are then fully relaxed,
allowing for rotations and bond elongations. First
we computed the optimal Æc/aæ for LSMO on (001)-
oriented STO and obtained a value of 0.985, which is
consistent with the average Æc/aæ of LSMO on poled-up
thick PZT. We then applied 0.5% and 1% uniaxial strain
along the [001] direction to simulate the range of
observed axial ratios (Figure 4), as a means to disen-
tangle the strain contributions from interface effects
due to coherent strain of LSMO with varying PZT
thickness and polarization. We then calculated a
mean-field theoretical ferromagnetic Curie tempera-
ture, TC

MFT, following the procedure in Kübler et al.57

and Lampis et al.58

Our DFT results indicate that out-of-plane stretching
monotonically increases TC

MFT from 292 K (0%) to 323 K
(1%) at the highest Æc/aæ state. Our TCMFT trend com-
pares favorably with our measured poled-up PZT

samples that have LSMO underlayers as well as the
model calculations followingMillis et al. To quantify the
orbital occupancy, we calculated the electron orbital
polarization, P = (nx2�y2 � nz2)/nx2�y2 þ nz2), of Mn-eg
orbitals from the partial density of states (PDOS)
spectra, where nx2�y2 and nz2 are the area under the
curve for dx2�y2 and dz2 orbitals, respectively, integrated
up to the Fermi level.59 A positive value for
P indicates that electrons favor dx2�y2 orbital occu-
pancy, and a negative P value indicates that electrons
favor dz2 occupancy. We find that in bulk unstrained
LSMO P takes both negative and positive values, and
the magnitude of P is roughly the same for both Mn
sites (Figure 4 and Figure S9); TC

MFT for bulk LSMO is
estimated to be 388 K. Application of an in-plane
tensile strain alone promotes preferential dx2�y2 orbital
filling; P takes only positive values at bothMn sites, and
TC
MFT reduces drastically to 292 K, which agrees well
with our experimental measurements made on poled-
up samples. Uniaxial strain along [001] gradually trans-
fers charge to the Mn dz2 orbital aligned along the
z-direction, as expected.44,60,61 At 1% elongation,
P becomes both negative and positive (TC

MFT ≈ 322 K),
albeit reduced relative to unstrained LSMO. Commen-
surate with the filling of dz2 orbitals as a function of out-
of-plane stretching, TC

MFT is also found to increase,
indicating a direct association between the c/a axial
ratio, macroscopic TC

MFT, and P in LSMO.
Although a clear trend emerges between c/a, TC, and

P, in agreement with previous literature,62,63 we recog-
nize that our DFT calculations do not fully capture the
TC behavior of the poled-up samples. While these
samples have the largest average Æc/aæ value (as mea-
sured by XRD), their measured TC is lower than that of
other samples, indicating the existence of an additional
competing mechanism not captured in our simula-
tions. We also note that these calculations are done

Figure 4. (A) Relationship between TC
MFT (K) and P (in %) for various simulation cells as calculated fromDFT. Positive value for

P indicates the percentage excess of Mn-eg electrons filling the dx2�y2 orbital relative to the dz2 orbital and vice versa. The
30-atom supercell contains two distinct Mn atoms, Mn(I) (open, red) and Mn(II) (filled, blue) (see Supporting Information). (B)
Relationship between TC

MFT (K) and axial ratio (c/a) as calculated from DFT. A clear trend emerges between c/a, P, and TC
MFT. In

unstrained LSMO, both dx2�y2 and dz2 are filled. The application of in-plane tensile strain promotes preferential dx2�y2 filling in
both Mn atoms; simultaneously TC

MFT decreases. However, out-of-plane stretching gradually promotes transfer of charge to
dz2 orbitals, and a corresponding gradual increase in TC

MFT is found. Circles correspond to bulk LSMO, and triangles are
epitaxially strained LSMO (under uniaxial strain varying from 0 to 1% along the [001] direction).
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assuming a uniform uniaxial strain, in contrast to the
changing strain observed in GPA; nonetheless, we
believe that these results provide a valuable insight
into how increasing tetragonality affects electronic and
magnetic ordering.
To probe other possible coupling mechanisms,

such as chemistry changes or charge-transfer screen-
ing, we have conducted electron energy loss spectros-
copy (EELS) mapping of the LSMO/PZT interface. The
Mn L23 white lines near 640�665 eV are measured in
this study since they contain information about excita-
tions from the spin�orbit split 2p3/2 and 2p1/2 levels to
available states in the 3d band.64�69 Screening of
surface charge from the adjacent PZT layer gives rise
to a change in the local 3d band occupancy, reflected
in a deviation from the nominal Mn3þ/Mn4þ ratio of
∼3.3.70,71

Figure 5 shows the results of STEM-EELS maps at the
LSMO/PZT interface for the thick samples. We find that
the interfaces are quite sharp, with the EELS signal
limited to one to two atomic planes away from the
interface; however, because STEM is a localized tech-
nique, it is impossible to completely rule out some
intermixing in either interface. Both samples possess a
bulk valence of ∼3.4 (near the nominal 3.3), but at the
interface the value for the poled-up sample drops to
∼2.63, while that of the poled-down sample increases
to∼4.26. Additionally, there is a clear shift of the Mn L3
edge toward lower energy in the poled-up sample

(Figure 5B), indicating lower valence; however, the shift
in the poled-down sample is not as pronounced.68,70

The valence change is spread over 3�4 unit cells at the
interface, with an average valence at ∼3.02 for poled-
down and∼3.89 for poled-up, a difference of∼0.87. It
should be noted that the error bars on this data are still
rather large, ruling out more detailed analysis of the
induced valence, but there is clearly an interfacial
change likely resulting from interaction with the ad-
jacent ferroelectric layer.
Thus, while local strain fluctuations suppress mag-

netization across larger length scales, it appears that
charge-transfer screening operates in a ∼2 nm inter-
face region at the PZT boundary (Figure 2D�G), in line
with prior estimates.72�74 PNR measurements show
that the change between states in the thick samples at
298 K is Δm =mdown�mup = 0.88�0.22 = 0.66 μB/Mn,
while, for the thin samples,Δm=0.54�0.34=0.20μB/Mn.
These values agree well with previous magneto-optical
studies of ultrathin LSMO that foundΔm = 0.76 μB/Mn.20

CONCLUSIONS

Several trends are now clear. We find that it is
possible to self-pole PZT through the use of an appro-
priate substrate material, a method that may be ex-
tended tomany other systems. Macroscopic bulkmag-
netizationmeasurements show thatMS and TC depend
on both PZT polarization and thickness. PNR measure-
ments reveal thatMS varies locally and ismost suppressed

Figure 5. High-angle annular dark field images and electron energy loss spectroscopymaps of the top LSMO/PZT interface in
the poled-up (A) and poled-down (D) thick PZT samples. The numbers indicate the atomic rows across which average spectra
were collected and correspond to the Mn L23 spectra in B and E. (C, F) Calculated Mn L3/L2 ratios and estimated Mn valences
from each row. Error bars correspond to the standard error of the Gaussian fits to the edges. Although both samples possess
the same valence in the bulk (∼3.4), they diverge near the PZT interface, indicating screening of surface charge from the
adjacent PZT layer.
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at the LSMO/vacuum interface, where the GPA-
measured LSMO c/a axial ratio is largest. Furthermore,
wefindevidence for large strain gradients (∼106m�1) in
the LSMO. Phenomenological models show that local
strains affect the Mn-eg electronic distribution and
play a role in suppressing the LSMO TC. EELS and PNR
also reveal the presence of a ∼2 nm charge-transfer
screening region that affects magnetization at the
PZT interface. However, the magnitude of the induced
magnetization does not directly agree with the pre-
vious work of Vaz et al., suggesting that other factors
may be at work.20

Collectively the results obtained in this study sug-
gest a more complex model of strain- and charge-
mediated magnetization in ferroelectric/ferromagnet
composites. We find that the tetragonality of the PZT
has a pronounced effect on the interfacial strain in the
LSMO: a larger PZT c/a corresponds to a larger inter-
facial c/a in the LSMO, which gradually increases near
the vacuum surface. In the ultrathin limit (<4 nm), strain

fluctuations in LSMO are minimal and charge-transfer
screening drives coupling. As the LSMO thickness
increases, local strain fluctuations soon overwhelm
the magnetization of the layer, indicating that layer
geometries are crucial components in the design of
these materials. In excess of the ultrathin limit, our
PNR results indicate that local strain can induce
much larger changes in the magnetization profile
of LSMO than charge-transfer screening. By tuning
the PZT tetragonality through doping or an appro-
priate substrate, it is possible to reshape magnetiza-
tion gradients in the ferromagnet. Our results
suggest that a piezoelectric substrate may be used
to actively control local strain and directly vary the
spin state of the ferromagnet. The wealth of insight
provided by this suite of techniques shows that local
probes of magnetization, strain, and chemistry are
an invaluable way to understand coupling of multi-
ple degrees of freedom in magnetoelectrics and
emerging flexomagnets.

EXPERIMENTAL SECTION
SrRuO3 and PbZr0.2Ti0.8O3 films were grown by PLD at 635 �C

at 100 and 200 mTorr pO2, with laser repetition rates of 12 and
3 Hz and laser fluences of 1.75 and 2 J cm�2, respectively.
The La0.7Sr0.3MnO3 layers were grown at 650 �C at 200 mTorr
of oxygen with a laser repetition rate of 2 Hz and a fluence of
1.5 J cm�2. Films were then cooled to room temperature in
760 Torr pO2.
The crystallinity of the as-grown films was measured by XRD

with Cu KR radiation (λ = 0.15418 nm) on a Panalytical Empyrean
diffractometer. Reciprocal spacemapsweremade around the STO
103 diffraction condition. Layer thickness was studied by X-ray
reflectivity as measured on a Rigaku SmartLab diffractometer.
Bulk magnetometry was conducted with a Quantum Design

vibrating sample magnetometer at 305 K along the [100] and
[110] in-plane substrate directions, with no discernible differ-
ence in hysteresis. TC was measured in the range 310�350 K
under an applied in-plane magnetic field of 100 Oe. An
Arrott�Belov analysis was conducted to determine TC, assum-
ing self-consistent samples (see Supporting Information).
PNR was conducted at 298 K with an in-plane magnetic field

of 1 T applied along the [100] substrate direction. Non-spin-
flip specular reflectivites were measured from q = 0.005 to
0.1 Å�1. The reflectivity data were then fit with the ReflPak
software package and refined in conjunction with XRD.
A fit was conducted with uniform magnetization in the
LSMO layers, and a second fit was conducted in which the
magnetization was allowed to vary. The latter resulted in a
better fit to the measured spin asymmetry, particularly at
higher q.
Samples were prepared for TEM by conventional mechanical

polishing and ion milling. HRTEM images were captured at
200 keV on a JEOL 2100 LaB6. BF-STEM and STEM-HAADF
micrographs were also captured on a CS-corrected FEI Titan
STEM operating at 300 keV. EELSmaps and HAADF images were
measured on a CS-corrected Nion UltraSTEM 100 operating at
100 keV, with a convergence angle of 30 mrad and an effective
energy resolution of 0.6�0.7 eV.75 The background was re-
moved from each scan using a power law fit, and spectra were
extracted from eachmap row-by-rowwith a∼0.1� 0.8� 1 nm2

window. Hartree-Slater cross sections were subtracted from
each edge, and the spectra were processed with the EELSTools
package in Digital Micrograph to extract Mn L23 ratios from the
positive component of the second derivative.76

Cation displacements were determined from a series of
10�40 STEM-HAADF acquisitions, which were captured at 5 μs
intervals and cross-correlated and averaged with the ImageJ
program with the StackReg plugin. Image simulations along the
PZT [100] direction were conducted with the multislice method
in the QSTEM program.77 This allows us to achieve a precision to
measure the atomic displacements better than∼8 pm.78 Several
atomic displacements were modeled with a 69 � 70 � 160
supercell consisting of 80 slices. A 400 � 400 pixel array with a
0.05Å� 0.05Å resolution and 20Å� 20Åwindow sizewas used,
along with the microscope parameters.
GPA was conducted on STEM-HAADF and HRTEM images

displaying minimal drift or scan error. First maps of local re-
ciprocal lattice vectors corresponding to out-of-plane (g1)
and in-plane (g2) directions were constructed. The ratio of
these two maps (g2/g1) then gives the local c/a.79 The line
profiles shown in Figure 4 were measured by integrating
3�5 nm in-plane to minimize noise. It should be noted that
local contrast and thickness fluctuations can give rise to local
spikes in the measured ratio, so we only discuss broader
trends in c/a.
To calculate in- (εxx) and out-of-plane (εyy) LSMO strains,

references were chosen in either the STO or PZT layers; in the
latter the measured strain values have been shifted to account
for the average strain across the PZT layer. Themeasured strains
in the top LSMO layer were converted relative to bulk LSMO
according to

εrelative ¼ εmeasured þ
cSTO,bulk� cLSMO,bulk

cSTO,bulk

 !
cSTO,bulk
cLSMO,bulk

where cSTO,bulk = 3.905 Å and cLSMO,bulk = 3.87 Å.
TC was estimated from these GPA strains using the empirical

model of Millis et al.47

TC(ε) ¼ TC(ε ¼ 0) 1 � RεB�
1
2
ΔεJT

2

� �

where εB = (2εxxþ εyy) and εJT = (2/3)1/2(εyy� εxx). TC(ε = 0) is the
bulk LSMO TC of∼360 K, while R and Δ are empirical constants
that represent the weighting of the bulk strain and Jahn�Teller
distortion of MnO6 octahedra, respectively. Typical values are
R ≈ 10 and Δ ≈ 270.56

DFT calculations were performed within the spin-polarized
generalized gradient approximation (GGA) plus Hubbard-U
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method as implemented in the Quantum-ESPRESSO package
version 5.0.80 The Dudarev et al. approach80 was followed to
include an effective Hubbard term of 3 eV for unstrained LSMO
and 2 eV for LSMO on STO to accurately treat the correlated Mn
3d electrons. The core and valence electrons were treated with
the ultrasoft pseudopotential81 and the PBEsol exchange�
correlation functional.82,83 The Brillouin-zone integrations were
performed with a Marzari�Vanderbilt smearing84 of 0.02 Ry
over a 7 � 7 � 5 Monkhorst�Pack k-point mesh85 centered at
Γ and a 60 and 600 Ry plane-wave and kinetic energy cutoff for
charge density, respectively. For density of states (DOS) calcula-
tions, a denser 14 � 14 � 12 Monkhorst�Pack k-point mesh
sampling was used. Atomic positions were allowed to converge
until the Hellmann�Feynman forces became less than 2 meV Å1.
Structure optimization was performed using the Broyden�
Fletcher�Goldfarb�Shanno (BFGS) algorithm. The approach
adapted byMa et al.86 was used to simulate the crystal structure
of LSMO (see Supporting Information). Orbital polarization (P)
was calculated using the formula

P ¼
nx2� y2 � nz2

nx2� y2 þ nz2

where nx2�y2 and nz2 are the area under the partial density of
states spectra of dx2�y2 and dz2 orbitals respectively (for both
spins) within the energy window from the Fermi level to �8 eV
below it. The nearest-neighbor exchange coupling constant J0
was calculated within the mean-field approximation57,58 with

J0 ¼
EF� EAFM� A

1
2
(∑SF1S

F
2 �∑SAFM� A

1 SAFM � A
2 )

where EF and EAFM�A are the total energies (eV) of spin-polarized
ferromagnetically ordered and spin polarized A-type antiferro-
magnetically ordered calculations, respectively, S1 is the calcu-
lated atomic magnetic moment of the Mn(I) atom, and S2 is the
calculated atomic magnetic moment of the Mn(II) atom. From
J0, T̂C was estimated by the mean-field theory approximation,
T̂C = (2/3)S(S þ 1)(J0/kB),

57,58 where S = ((4S1
F) þ (2S2

F))/6 is the
weighted average of the magnetic moments of Mn in the
ferromagnetic spin order configuration.
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