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INTRODUCTION

This research program has been directed toward basic research inte the
role of microstructure in the toughness and strength properties of cevamics,
in particular ceramics that are characterized by R-curve behavior, i.e. an
increasing toughness characteristic with crack extension. The R-curve is now
known to be pronounced in monophase ceramics with coarse microstructures, and
is crucial to the utility of multiphase ceramic composites. It is important
to understand the subtle interrelations between R-curve processes and
materials characteristics, in order that we may on the one hand be able to
establizh reliable design criteria and, on the other, tailor new, superiorx
ceramics with maximum resistance to damage accumulation and degradation. At
NIST we have been engaged on a program during FV 87-89 to investigate thesa
interrelations. A key uspect of our approach has been to establish strong
links between proparties ond processing, fracture mechanics experimentation
and modelling, materials design and characterization. The results of these
studies are described in the appended publications.

The early work in the program was instrumental in identifying a principal
mechanism of this R-curve bi‘&vior in elementary ceramics (e.g. aluminas),
viz. grain-localized tridging behind the advancing crack [1-3,8]. Hitherto,
bridging had not been considered seriously as a mechanism of toughening in
ceramics, Our studies using in situ techniques showed clearly that grains
exert significant tractions on the crack walls behind the advancing crack
front by a frictional pullout mechanism,

With this mechanism identified, fracture mechanics models were developed

{2,3,5,11). These models incorporated the essential elements of the
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microstructure in tha underlying constitutive stress-separation function for
the grain pullout. The most recent version [11} takes special account of the
microstructural scaling (grain size) and internal residual stresses in this
censtitutive law, and thereby opens the way to optimal processing design of
ceramics microstructures.

A primary feature of the R-curve is that it leads to a marked
insensitivity of the strength to initial crack size, i.e., "flaw tolerance".
This has a strong appeal to the structural engineer, because components may be
designed to a specific stress without great concern for variable flaw
distributions, either prior to or during service. Special studies have been
made to demonstrate the benefits of this forgiving property in relation to
processing flaws, such as pores {10]. Proper attention to development of a
strong R-curve eases the demands on flaw elimination in processing.

To this end, NIST has developed an in-house processing capability (in
addition to forming a formal collaborative link with the Ceramics Processing
group under Professors M.P. Harmer and H.M. Chan at Lehigh University). Our
aim is to begin with simple monophase materials, systematically investigating
such simple microstructural variables as grain size and shape. We ultimately
intend to extend our studies to complex composites. This part of the work is
well under way, and we have begun testing our own alumina ceramic materials
with controlled grain sizes and shapes (9,11,14,15].

Another important aspect of our work has been to extend the mechanical
properties evaluation from toughness and strength to fatigue and wear, It
might be argued that the underlying source of the grain-pullout frictional
stresses responsible for the R-curve characteristic, i.e. internal residual

stresses, could have counter-beneficial effects in repeated loading
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conditions: e.g. in cyclic fatigues and wear. With regard to the latter, we
have given attention to the nature of localized contact damage [6,7), and
carried out actual machining [4]) and wear [14] tests on various aluminas. We
do indeed find that aluminas with stronger R-curves show reduced wear
resistance. These results suggest that specific materials may have to be
designed for specific applications.

Work on fatigue properties has also begun. We have extended the R-curve
modelling to include slow crack growth effects, so as to predict static and
dynamic fatigue behavior [12). Data on aluminas substantiate the modelling.
With this theory established, we can then extend the predictions to gcyelic
loading. Preliminary tests on the same aluminas using indentation flaws (13]
indicate, somewhat surprisingly, that for short cracks no deleterious effects
over and above those of slow crack growth occur.

The work described above is scheduled to continue under AFOSR sponsorship

through FY 90-92,
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Crack-Interface Grain Bridging as a Fracture Resistance
Mechanism in Ceramics: I, Experimental Study on Alumina

PETER L. SWANSON,” CAROLYN J. FAIRBANKS, BRIAN R. LAYWN,® YIU-WING }IAL*
znd BERNARD J. HOCKEY

Ceranues Division, National Burcau of Standards, Gaithersburg, Maryland 20899

Direct microscopic evidence Is presenied in support of an ex
planation of R-curve behavior Iz monophase ceramics by
grain-locatized bridging across the newly formed crack fnter-
face. In situ observations are made of crack growth in tapered
cantifever heam and indented flexure specimens of & coarse-
grained alumina. The fractures are observed to be highly
stable, typical of a material with a strongly increasing resis.
tance characteristic, but are discontinuous at the micro-
structural level. Associated with this discontinuity Is the
appearance of overiapping segments in the surface fracture
trace around bridging grains; the mean spacing of such
“actlvity sites” along the trace is about 2 (0 5 grain diameters.
These segments tink up with the primary crack benexth the
specimen surface, and continue to evolve toward rupture of the
bridge as fracture proceeds. The bridges remain active at large
distances, of order 100 grain diameters or more, tehind the
crack tip. Scanning electron microscopy of some of' the bridg-
Ing sites demonstrates that secondary nterface-adjacent)
microlracture and iriclionai iractions are imporiant eiements
in the bridge stparation process. Evidence is sought, but none
found, for some of the more popular alternative models of
toughening, nolably frontal-zone microcracking and crack-
tiplinternal-stress Interaction. It Is suggested that the crack-
interface bridging mechanism may be a general phenomenon
in nontransforming ceramics.

1. Introduction

HERE is 2 growing rcalization that the crack resistance proper-

ties of ceramics have an intrinsic size dependence. At crack
sizes small in relation to the microstructure the toughness has
values characterstic of bulk cleavage (transgranular) or grain
boundary (intergranular) energies. At large crack sizes the tough-
ness tends to somewhat higher, limiting values characteristic of the
polycrystalline aggregate. The toughness function connecting
thege two extremss in crack size is the so-called “R-curve” func-
tion, after the rising crack resistance curves originally found for
metals.? Such R-curve behavior is of great interest in the case of
engineering ceramics, for both the structural.designer, who needs
to know the toughness characteristic in specifiable flaw size
ranges, and the materials processor, who secks a basis for tailoring
new and superior matedals.

Despite this increasing awareness of the importance of micro-
structuraily related size effects, there have been remarkabiy few
attempts at defini:ve identification of underlying crack resistance
mechanisms. A notable exception is in the zirconia-based ce-
ramics, where transformation toughening is now unequivecally

Presented st the 88th Annual Mecting of th: Amencan Cenanne Society, Chicago,
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established as a principal factor,>** The teansformation events are
genenally taken to be confined within a “process zone™ about the
advancing crack tip, i unalogy to the plastic zone responsible for
the R-curve behavior of metals, However, smportant as it is as a
mode of crack . npedance, transformation toughening is currently
testricted to a select few ceramics and does not operate in “sunple™
monophase materals like aluminas, Ceack size effects in these
latter matenals have been attributed to several ghemative causes,
with virtually no direct experimental substantiation. Perhaps the
mosi wicely quoted of these is the propasal of a frontal mecrocrack
cloud, in which discrcte microfractures act as efiective energy
sinks in the ficld of the pnmary crack.*? Another preposal is that
an advancing crack tip is progressively impeded via direct inter-
actions with Jocked-in intemal stresses (e.g.. thermal expansion
mismaich stresses),* Other possibilitics that have been considered
include crack restraint by pinning and bowing® and by deflection
and twisting,'® although these are noncumulauve mechanising:
they do not have provision 1o account for the remarkably long erack
size range over which the R curve rises in many materials,'

Which of the above mechanisms, if any, predominates in the
Recurve behavior of aluminas and other nontransforming ce-
ramics? The current literature relating to this question is based
almost esclusively on the capacity of theoretical models to match
measured fracture mechanics {e.g., applied load vs ¢rack size)
data. The question of whether or not the proposed mechanisms
aciually operate in the assumed fashion is not directly addressed in
this literature; support is provided oaly by circumstantial evidence
from limited postfailure examinations of fracture specimens, How-
ever, there is one set of observations, by Knchans and Stembrech, "
which allows us to narrow down the possibilitics. They grew
cracks through several millimeters in alumina test specimens, and
found strong rising K curves. Then they removed material adjac...?
to the walls behind the crack tip by sawcutting, taking carc to leave
intact the immediate region af the tip. On restarung the crack, the
resistance reverted immediately to the base of the R curve. The
unmistakable implication was that the teughening prosesses must
operate in the wake of the advancing tip. Of the mechanisms
considered thus far, it is that of distributed microcracking which 1s
most compatible with this notion of a wake effzct; indecd, the
Knehans and Steinbrech experiment has been cited as evidence for
the microcracking model.”

However, Knehans and Steinbrech raised ancther possibility,
that the source of the rising resistance may lie in some physically
restraining force across the newly formed crack interface., This
dlternative proposal had received only passing mention in the pre-
ceding ceramics literature.™ ¥ Knehans and Steinbrech have since
taken their case further, arguing specifically in favor of a gran
interlocking mechanism.™" The idea of an interfacial restraint 1s
not the exclusive domain of the ceramics community; it has been
developed even more strongly in conerete'*'? and rock mechan-
ies, ' Lithough the detailed micromechanics of the actual sepa-
ration processes are haedly better understaod. Thus it would scem
that the key to improving the toughness of nontransforming ce-
ramics could depend pnmanly on events which occur behind ra
ther than at or ahead of the advancing crack. Clearly there are
important implications here in the microstructural design of
ceramic materials,

The present work is directed 1o the development of a crack
resistance model incorporating the essenttal elements of the inter-
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(A) ]
— Specimen

Wedge

(8)
Objective l

Fig. 1. Sthematic of tapered double cantilever beam

test src:‘..nn used {0 observe cruck gmth during Josd-

ing: (A) top view; (B} side view. Specimen cut from

tiangular slab, 12.mm «dge length ard 2.mm thickness,

IJ%op:oducc crack ‘7 mm long. Suarter notch length
km, radius 100 um, Wedge angle 60°,

facial restraint concept. It is in two parts. Part [ describes experi-
mental observations of controlled crack growth in a coarse-grained
alumina with strong R-curve behavior, A critical feature of these
experiments is the facility to follow the crack response along its
entire length while the driving {orce is being applied. We confirm
the presence of grain-locslized “bridges™ across the crack inter-
face, over large distances (several millimeters) behind the tip.
Part I deals with quantitative aspects of the R-curve behavior, by
a formuiation of the bridging concept in terms of theoretical frac-
ture mechanics. In this endeavor we borrow from analogous treat-
ments in the fibetr-reinforced composite and concrete literature,
Qur analysis does not aspire to a complete understanding of the
physical ligamnentary ruptute process, but nevertheless establishes
a sound mechanical framework for characterizing the crack re-
sistance properties.

Before proceeding, it is well that we should draw attention to a
recent study on the strength rties of ceramic specimens con-
taining indentation Nlaws.*>* Indeed, some of the issues raised in
that study provided a strong motivation for the present work.
There, the idea was to investigate the fracture size range between
the extremes of the microscopic flaw and the macroscopic crack: by
systematically verying the indentation load from specimen to
specimen, It was found that on reducing the indentation Nlaw size
the corresponding strength did not increase indefinitely, as required
by ideal indentation fracture theory (i.c.. theory based on the
notion of an invanant foughness), but tended instead to leve! of{ at
a strength charactenstic of the intrinsic microstructeral flaws, This
tesponse was attributed to the influence of R-curve behavior. Im-

*Vistal grade. Cours Porcelain Co . Gulden, CO

Yol. 70, No. 4

(A) Indented Disk

(8)

Load Arm

| lOb]octlvo

Fig. 2. Schematic of Indentetion flaw 1est used io cb-
serve adial erack evolution 16 Gailure: (A) plan view,
shawing Vickers flaw on teasile surface; (8) side view,
showing flexure system, Specimen dimensions 25.tnm
diameter by 2.mm thickness, Biaxial losding, 2-mm-
radius punch on 10-mm-radius {3-point) support.,

portantly, the strength plateau st small flaw sizes was seen in three
groups of ceramics, aluminas, glass-ceramics, and barum ti-
tanates, indicating a centain generality in the R-curve ptenomenon,
Also, the magnitude of the effect was in some cases considerable,
amounting fo an cffective increase in toughness of more than a
factor of 3 over 2 crack size range of some tens of grain sizes or
more, In that earlier study™ the microstructural element was intro-
duced into the fracture mechanics in a somewhat phenome-
nological manner: here we seek to pluce the fracture mechanics on
A firmer footing by relating this element more closely to ideati-
fiable crack restraint mechanisms, Accordingly, a detailed analysis
of indentation fracture data in terms of the bn’dging concept may
be foseshadowed as a future goal of our work.?

II. Experimentsl Procedure

1t was oecided in this work to focus on one material, a nominally
pure, coarse-grained alumina.' We have already made allusion to
the implied generality of the R<curve phenomenon *Section 1); our
choice is intended to meet the requirernent of a ..ptesentative™
material, but at the same time one which exhibits the R curve to
particularly strong effect, (For quantitative measures of the perti-
nent R curve the reader is directed to the Vi-labeled curves in
Figs. 4 and 10in Ref, 20, Figs. 6 and 7in Red, 1, and Figs. 1 and
3 in Ref. 22.) The relatively large microstiucture of our material
{mean grain diameter 20 um) also lends jtself o in site experi-
mentation using ordinary means of microscapic shservation. In
certain instances where it was decmed useful to run comparative
tests on specimens withour the influence of microstructure, sap-
phire was used a4 a contro] material,

As indicated, a major feature of gur axpenmental procedure 15
the facility to monitor the evolution of fracture duning the apphica-
tion of stress. Accordingly, direct observations were made of the
crack growth hy optical microscopy, using the two loading con-
figurations shown in Figs. | and 2. The specimens were surface-
relief polished with 0.3-pm Al;04 powder to delineate the coarser
gramn boundary structure. In some cases a thermal etch pre-
treatment at (1N50°C for 2 h) was used to enhance fine details 1n
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this structure. An impartant elesnent of cur expesimental philoso.
phy here 1s that, by virtue of the ephansed stabihization i crack
growth which attends strong H-curve behavior,' we may hepe to
absene cntical events which in canventional posifailure analysis
{or even 1n interrupted tests} might pass unnoticed.

The first of the test configurations, Fig. 1, is 2 modification of
the famihar double cantilever beam specimen. Genenally, the regu-
lar rectangular beam gewnciry 18 teimined for quantitative evalu-
ation of the R-curve behavior (Part 11, Here, however, a tapered
geometry was used, width increasing in the direction of ultimate
crack propagation. The main ¢rack was started at a sawcut notch
by inssrung 2 metal wedge. Subsequent crack extension could be
controlled via a micrometer drive system, to which the wedge was
fixed. The whole system was attached 10 the stage of an optical
microscope to allow for continuous moritoring of the crack evo-
lutton. Pertinent dimensions of the test geometry are included in
the caption to Fig. 1.

The second configuration, Fig. 2, simulates the controlled flaw
test used previously 1o infer R-curve behavior from strength data
(Scction I). A Vickers diamond was used 1o introduce an inden-
taton flaw at the center of a disk flexure specimen, The disk was
then loaded axially 1n a circulas-flat on three-ball-support fixture,
with the indentation on the teasion side. Again, the entire fixture
was attiehed to a microscope stage for in situ viewing of the crack
cvolution. A video recording unit was particularly useful in in-
terpreting some of the more subtle features observed with this
configuration. Refersnee 15 made to Fig. 2 for relevant test geome-
try dimensions.

Some additional, static observations were tnade on the above
specimens to add weight to our ensuing case, For example, in the
cvent of toughening associated with = frontal microcrack cloud,
onc might anticipate some detectable surface distortion either
zhead or 1n the wake of the primary crack tip. Accordingly, surface
profilometry scans were taken perpendicular to the crack traces on
some of the cantilever specimens. The cantilever configuration was
more convenent in this regard because the entire wedge-loading
fixture could be transferred onto the profilometer stage, thereby
allowing the crack to be examined without unloading. Also, antici-
paung that we nught necd to look more closely at events at the level
of the graa size or below, some of the unloaded diek specimens
were examined by scanning clectron microscopy.

III. Results

(1) General Observations

Qur initial examinations of the fracture patterns produced in the
alumina test specimens revealed some interesting general features,
The clearest and most immediate indication that we were dealing
with a crack-interface effect was that, after “failure” (as marked by
4 sudden propagation of the cracks to the edges of the specimen),
the fractured segments tanded to remain intact. An additional force
was required to scparate the pieces completely. This was our first
clue that the walls behind an advancing tip must indeed be re-
stiained by some remnant forces acting across the interface,

Closer surface inspections along the crack traces at various
stages of propagation soon helped to reinforce this last conviction,
The fracture in our material was predosninantly intergranular, as
previously reported. " There were signs of some “secondary
sctivity" adjacent to the walls of the otherwise primary crack
interface, but never further distant than one or two grain diameters
from this interface. It will be our aim in the following sections to
confirm that this interface-related activity is a manifestation of a
grain-localized ligamentary rupture process, and not of some re-
laxauion effect associated with the wake of an advancing micro-
crack cloud.

“Ietertaneal tractivns and biadgeng by as-yet unruptured grains may independentl,
provide tration actess the nasvent tracture surface Disunction between these tau
PEnnal Ut es o T tion 15 bot 3 pancipal cometn here, uwing e the eapennental
dflialties in cesulveng binet Setals i the subvuttace damage provesses
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(2) Cantilever Beam Experiments

The in sitw observations of fracture 1n the tapered cantilever
beam specimens (Fig. 1) were camed out while carefully and
slowly dnving in the mouth-opening wedge. These observations
were all made in air, so that some rate effects were apparent in the
erack growth (although the velocities were usually much le. than
10™* m+s™"), There was a tendency for the first stage of fracture
to occur suddenly over a dhstance of several grain diameters from
the starter notch tip. “Pop-in™ behavior of this kind 15 not uncom-
mon in notched specimens, of ccurse; in such cases the imbial
fracture response can be influenced strongiy by the local notch
configuration. However, discontinuous erack growth was also
commonly observed in the subsequent loading, over distances as
small as one or two graint. There is the suggestion here of an
clement of discreteness in the mechanics which ulumately under-
lies the R-curve behavior,

Appropriately, aliention was focused on regions of identifiable
“activity sites” behind the advancing crack tip during monotonie
loading to “failure.” An example of the kind of observation made
is shown in Fig. 3, a low-magnificatton reflected-light mosaic of
a particular specimen at six successive stages of fracture. The ficld
of view along the crack length covers the (irst 2 mm from the
starter notch at left {not included in the figure). At final loading,
stage V1 in Fig. 3, the crack extends clearly across the full 7-mm
length of the specimen, although again without separating into two
pants. The areas labeled {A), (B), and (C) illustrate particularly
clear examples of progressive crack-flank damage evolution
through the loading sequence., These areas are magnificd in Figs. 4
10 6 {or closer scrutiny of the microstructural detail.

In zone A, Fig. 4, we can follow the formation and rupture of
a single ligameatary bridge through all six stages. In stage [ the
surface fracture trace appears to be sezmented about a large grain,
as though the primary crack may have stopped and then reinitiated
on a sccondary iront. However, on switching to transmitted light
(e.g., see Fig. 7(B)) and focusing intc e subsueface regions of the
transparent material, the apparently isolated egments were found
10 conncct together into a common crack interface. Hence the
bridge is grain-localized in the projected fracture plane. On pro-
¢eeding to stage Il we note that the crack segments about the
bridging grain have increased their overlap but have not yet linked
up, although the detectable main tip is now some 0.75 mm distant.
There is an indivation of enhanced reflectivity bencath this same
grain, indicating that the crack-segment overlap extends beneath
as well as along the surface, By the time the primary tip has
advanced more than 1.2 mm beyond the bridge, stage U, the
upper crzck segment appears (o have linked up completely with the
main fracture trace. This does not signify the final state of rupture,
however, for there are signs of continued local crack activity
around the grain of interest, notably at left, through stages 1V and
V. We point out that the primary crack tip is at least 2 mm, i.c.,
approaching 100 grain diameters, ahead of the bridge site. Finally,
at stage VI, the lower crack associated with the onginal bridge
appears to have closed up somewhat, perhaps reflecting the release
of some interfacial frictional tractions.!

Zone B, in Fig. S, evolves in much the same way, but with
certain of the above-mentioned features delineated more strongly
The initial crack segmentation, stage {11, and subsequent hinkup,
stage IV, differ little 1n essence from that observed in zone A.
However, the trace of the crack segment which runs below the
bridging grain (and which, incidentally, would appear in stage 111
1o be the more hikely to lead to the ultin-ste rupture of the ligament)
closes up much more abrur:ly and completely than its counterpart
1 zone A. Interfactal 1ractions persist on loading to stage V, as
evidenced by the appearance of additional small-scale fissures
about the separating grain. Examination in transmitted hight during
this stage revealed substantial subsurface activity. Even more dra-
matic indications of unrelieved iraciions are evident from the post-
mortem configuration at stage VI Final separatton has occurred
through virgin matenal, seemingly “avoiding™ the inciprent Irue-
ture paths apparent i the previous micrographs, a measase uf the
disruption caused by this final rupture 15 given by the extensine
debris. visible as the region of highly diffuse reflectiun, ludged
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100 pm

Fig. 4. Enlargement of zone A 1n Fig 3, showing evolution of a
grain bndging site from inception to failure Persistence of interface- Fig. 5. Enlargement of 7one B in kg 1 Note continually chang-
related secondary cracking 1s apparent through stage V. ing course of the local Iravture path through the Toading to tarlure

|
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between the crack walls at the original bridge site.

Consider now the third area in Fig. 6. zone C. In the initial
stage, 1V, substantial microcrack overlap occurs, predominantly
along grain boundaries, followed by transgranular microrupture
within the initial span of bridging material, stage V. Again, the
final rupture path largely ignores the previously formed, localized
crack segments.

We note that at each bridge-rupture site (zones A, 8, C) the
cumulative amount of surface-exposed crack length is approxi-
mately 3 times the shortest straight-line path through the bridging
sites. Moreover, the total fracture surface area incorporates a sig-
nificant amount of transgranular fracturing. The bridges clearly
represent an intnnsically high-encrgy source of fracture resistance.

In choosing our examples above we have, for obvious reasons.,
focused on the most conspicuous sites, i.e., the sites involving the
largest bridging grains. Higher magnification examinations of
loaded crack systems such as that in Figs. 3 to 6 revealed a high
density of smaller. but no less aclive, sites, particularly toward the
fracture terminus. These were again evident as surface offset traces
in reflection or subsurface scattering centers in transmisston. It was
thereby estimated that the mean separation between grain liga-
ments could be as low as 2 to 5 grain diamelers.

With the realizanon that our microscopic observations were
capable of detecting gram-scale microfractures while load was
maintaned, particularly i illunuination by transmitted fight, atten-
tion was turned to the region ahead of the primary crack ternunus,
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Fig. 6. Enlargement of tone € in Fig 3 Substanul
lransgranular f1xciure accompames the brdge rupture.

Figure 7 shows typical micrographs of this region. In particular,
evidence was sought which might point to the existence of a cloud
of distributed microcracks about the terminus. In keeping with the
popular notion of discrete microfracture initiation at or above some
critical tensile stress level within the near crack field, we might
expect to observe diffuse scattering within an extensive frontal
microciack zone.*? No such extended diffuse scatiering was ever
detected in our experiments, Sometimes apparently unconnected
surface traces were observed in the terminus region (c.g.. as in
Fig. 7(8)) but, like their segmented counterpants behind the tip,
these invariably coanected up at a depth of a grain diameter or 50
beneath the surface,

Further null evidence for an extended transverse microcracking
zone was provided by the surface profilometer traces. These were
taken perpendicular to the loaded crack configuration scen in
stage IV, Fig. 3. The results of several scans, both anead and
behind the crack tip, are shown in Fig. 8. Minute surface detml
assocrated with the reltef polishing 15 apparent in the scans, but i
no case 1s there any indication of a general dilation-induced up-
nsing of material adjacent to the crack interfuce.

(3) Indentation-Strength Experiments

Direct obscrvations were made of crack growth from Vickers
indentation flaws during loading to fulure (Fig  2). Anexample of
the final fracture pattern produced in this configuration 1s given 1n
Fig. 9. We sce that once the imtial radial cracks traverse the central
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Fig. 8. Surface profilometer traces transverse to crack plane in loaded
alumina DCB specimen, Detectable crack tip lies on trace D. Height scale
on scan greatly magnified relative to distance scale, No surface uplift
adjacent to crack walls is evident (diamond stylus radius =1 um: hori-
zontal position uncertainty =100 um, vertical uncertainty <10 nm foc
long wavelength, i.c., 210 um, topography varistions),

grains which encompass the indentation impression, the fracture
proceeds primarily in the familiar intergranular mode. Once more,
this fracture runs 10 the specimen extremities without causing com-
plete separation,

One of our acknowledged goals here was to ook in fine detail
at the crack response prior to failure. Accordingly, the tests were
run at slow stressing rates, in air, for greatest ease of observation.
Typically, the ime to falure was several minutes. At high inden-
tation loads (=100 N), such that the scale of the starting radial
cracks substantially exceeded that of the microstructure, the frac-
ture showed an even stronger tendency to discontinuous evolution,
over distances of a few gramns or so. thun noted in the cantilever

Fig. 9. Reflected light micrograph of a Vickers indentation site in a
“feactured™ alumina disk. Initial radial cracks from low-load (3 N) indenta.

tion arrest ot first encounter with grain boundary, and grow discontinuously
along boundaries as flexural stress is applied. Specimen thermally ctched
to reveal grain structure,

beam experiments. Notwithstanding these discontinuities, the
cracks were characterized by strong prefailure stability, sometimes
extending to the edges of the 12.5-mm-radius disks without any
sign of catastrophic growth. There is no doubt that local residual
contact stresses contribute to this stability,™ but only in part; com-
parative runs on sapphire (microstructure-free) specimens under
identical test conditions show much smaller, i.e., <1 mm, precur-
sor stuable growth prior to failure, It scems reasonable to conelude
that the enhanced stabilizatien in the polycrystalline alumina is a
direct manifestatson of a nung R curve.'

At low indentatton loads (1 to 10 N) the evidence for discon-
unuaty 1n the stabilized crack growth was even more emphatic
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Fig. 10. Reflected light micrograph of a segmented radial erack 1 a
panially fractired alumina disk.

This is the region of the load-insensitive platcau in the strength
0ata™ referred to in Scction 1. The radial eracks seemed to remain
“trapped” at the encompasting grain boundaries (sec Fig. 9) during
the flexural loading up to some critical level, ot which point a
sudden burst of growth ensued. This initial growth pattern was
highly variable from specimen o specimen. In many cases the
growth distance was small, of the order of grain dimensions, before
amesting, Also, individual radial cracks tended to propagate inde-
pendently, at differeat levels in the loading. We may liken this
initial phase of the fracture evolution to the pop-in observed in the
beam <onfiguration (Section 11(2)); however, now we can be cer-
tin that we are indeed observing an intrinsic property of the
small-scale flaw and not some artifact due to the fracture (e.g.,
notch) geometry. On increasing the applied loading further these
radial cracks continued 10 extend intermittently, but at an in-
cteasing jump frequency with respect to stress increment. Thus the
*smoothness™ in the approach to ultimate failure depended on the
number of jumps activated during the loading. In some extreme
cases the initial burst of crack propagation was so “energetic™ s (0
take the stressed system spontancously to failure,

It was also observed that the same kind of discontinuous crack
growth and arrest occurred at prominent natural flaws in the alu-
mina specimens. These {laws included grain pullout sites on
imperfectly polished surfaces and internal fabrication pores. Oc-
casionally such flaws provided the ultimate center of failure, most
notably at the low end of the indentation load scale. There seemed
little tendency for these competing sites to interact with cach other,
although inevitably neighbors would occasionally combine to pro-
duce an enlarged, yet shli stable, ccinposite crack.

Our observations of strong discontinuity and enhanced sta-
bilizatton in the indentation-strength specimens tums our attention,
as in the cantilever beam expeniments, to cvents behind the grow-
ing crack tip. Essentially, our in situ examinations of the radial
crack evolunion o failure revealed the same kind of general grain-
bridging features as described earlier in Figs. 4 to 6. Figure {0
shows an example of a particularly large bridging site behind the
up of an extended radial crack. Sites of this kind located as far back
as the indentation 1mpression corners remained active throughout
the growth to failure, 2ven in those specimens with millimeter-
scale stable extensions, confirming that interface restraints act over
distances on the order of 100 grains or more. The sell-consistency
of the grain separation patterns in the two specimen types examined
here serves to allay any concern that we might be observing some
test-geometry-specific artifact (although geometry effects can sl
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Fig. 11, Reflected light micrograph of portion of 2 radial ¢rack in 4
fractured-butintact alumina disk. Distusbance of some interfacesadiscent
graing 15 evident (ammows).

be an impoctant factor in the R-curve behavior; see Part 1.

Some of the broken specimens remained intact 1o a degree which
left much of the grain bridging debris trapped between the erack
walls. An example i shown in Fig. 1}, There are clear indications
of loosening and dislodgzing of interface-adjacent grains along the
crack trace, It appears from the way some of these disturbed grains
are rotated about their centers that there are intense local tractions
at work. In extreme cases the intensity of these tractions 1s suf-
ficient to detach the grain completely, und with some encrgy t0
spare; ia some of the in situ video recording sequences individual
grains occasionally disappeasced along the crack trace in a single
fransc interval (e.g., upper left of trace in Fig. 9). Such “pop-out™
events invariably occurred as the applied loading was being tn-
creased, so the tractions cannot be attributed to spunous c¢losuse
forces,

For more detailed investigation of the crack-interfage events,
specimens of the kind shown in Fig. 11 were examined by scan-
ning electron microscopy. Figures 12 to 14 arc appropriate micro-
graphs. Figure 12 shows clear examples of the physical contact
restraints that can persist at an otherwise widely opened ¢rack
interface. Figure 13 presents a slightly more complex picture. Here
the grains in the centers of the fields of view have developed
secondary microfractures in the base region of awtachment to one
of the crack walls, There is a strong element of transgranular
failure associated with this micofracture process, paruicularly evi-
dent in Fig. 13¢5). Lastly. Fig. 14 illustrates a case in which a
bridging grain has broken away from both walls and is presumably
on the verge of detachment from the interface, Indeed, some minor
fragments of material have already been thrown off as fracture
debris, notably at lower left of the micrograph.

As with the cantilever beam specimens. evidence was sought
that might reveal the presence of an extended frontal microcracking
zone about the ups of amested prunary ¢racks n the strength
specimens. Again, no such evidence was found in the SEM
observations.

IV, Discussion

Ve have looked closely. at the nucrastezzawral level, into the
processes of crack restraint in a regese-gramned alumina, This ma-
terial, although ostentitiy a simple, nentransforming ceramic,
shows strong &-curve charactensiies. Our vbservations provide
clez; evidence for grain-localized bridges at the newly formed
crack wnterface behind the ip These observations tie sn with the
sawcutting experiments of Knehans and Stemnbrech' (Section 1),
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Fig. 13, Scanming clectron micrographs, showing secondary microfraciure showl bndging grains, indicating the intensity of interface traction forces
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therelore plenty of evidence (o suggest that this s a general phe.
nomenon As far as the present study goes, our focus on alumina
does not allow us 0 extend this generalization to other ceranues
However, some preliminary obscevatior« on other ceramie systems
in these laboratones. c.g.. glass-ceramics, along with the implied
unmiversality i the R-curve phenomenology from the carlies,
broades-based sndentation-strength study ™ isee Section 1Y, indi-
cate that the interface-bridging mode may be far more widespread
than hithento suspecicd.

Although there appears to be little doubs about the location of
the toughening agents in our matenial, the nature of the actual
scparation process remaing somewhat obscure. We have presented
cotnpelling cvidence for the continual development of secondary
(racturcs, accumpanied by frictional tractions, around bridging
grains, confirming in large part a mechanism foreshadowed by
Knchans and Steinbrech and co-workers. '™ Hawever, what we
have not been able to determine is the specific form of the discrete
force-separation function that defincs the micromechanics of the
bridge rupture event. About all that we might say about this func-
tion is that it prabably has a pronounced tail, bearing sn mind the
persistent activity at the bridging sites in Figs. 4 10 6 (in some cases
long after one or the other of the averlapping crack segments
appears 1o have linked up with the primary fracture surface).

The present study, in addition to identifying 2 most likely source
of toughening in nontransforming ceramics, calls into question the
validity of practically all altemative models. Recall our carher
assestion (Section 1) that the evidence cited in favor of these alter-
native models in the literature is almost invariably circumstantial,
based at best on post-mortem fractography. The popular notion of
a profuse frontal microcracking zonc is a prime case in point. We
are unaware of eny direct observation of such a zone about a
growing crack in any nontransforming ceramic material (although
there arc some recent indications that microcracking may have a
role 1o play in transforming, multiphase ceramics™). Our own
observations gave no indication of dispersed microcracking (other
than the bridging grain secondary fractures immediately adjacent to
the crack walls). Yet according (o the frontal-zone models® we
would expect events in the alumina to be observable as far distant
as several milhmeters from the crack interface (Appendix). More-
over, onc would expect to find these events manifested cumu-
lativeiy as a general uprising ef material adjacent to the crack trace
on the free surface of the fracture specimens, since it is via a
predicted dilatancy that the microcracking makes its predominant
contribution 1o the toughening.” Striking examples of this kind of
upnsing have in fact been reported in studies on zirconia, ™
where the dissipation-zone description is beyond dispute. Again,
the ceramics profilometry ¢xaminations revealed nothing (at least
within the resolution limit of the profilometer) to support the di-
latancy argument in the alumina studied here.

Reference was made in Section I to another possible model,
based on crack-tip/intemnal-stress interactions, for explaining the
R-curve behavior. At first sight this model does appear (o be able
to account for most important features of the R curve, especially
the long range in crack sizes (relative to the grain structure) over
which the toughness rises: 1t is argued that the microscale cracks
are most hikely to expenience the full effect of local tensile forces
but that, as extension proceeds, the cracks should gradually aver-
age out over altemative tenstle and compressive grain elements.”
However, if this were (o be the whole story. the toughness of our
polycrystalline alumina should saturate out at the grain boundary
energy, so that, since the grain boundary is weaker than the matrix
single crystal {for otherwise the fracture would be transgranular),
the saturated toughness could never exceed that of sapphire. This
15 snconsistent with the previous indentation-strength study. where
the strength load™ (or cquivalently, toughness-load™) curves for
polycrystalline alumina and single-crystal sapphire cross each
other. Moreover, the intemal stress model cannot explain the ob-
servation of R-vurve behavior in specimens with large starter
natches; the stress-averaging effect is necessanly already complete
i such large crack configurations  Of course, the possibality re-
marns that these same intemal stresses could play a secondary role,
by acting in cuncert with some other toughening mechanism,
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again, the absence of any abnupt increases in the erack reststance
curve (i.c., on the scale of the microstructure atsell excludes
certan mechamsmy, ¢.g.. deflection, pinning and bowing. s po-
tential partners. Whether intemal stresses have anyvihing to do with
the bridging mechanism advocated here, ... by estabhishing sunt
able conditions for creating the hgamentary elements in the first
place, is a possiblity thet might well be explored.

In summary, our observations pravide strong, direct evidence
for gran-localized brdging clements as a prinaipal source of
R.curve behavior in nontransfonming ceramics. The actual phys-
ical separation process involves seeondary eracking and fnctional
interlocking, but the detatled micromechanics remain obscure, We
heve nevertheless managed to obtain some fechng for the entizal
dimensions involved in this process for the alumina used here. In
particular, we gauge the mean bnidge spacing, as reflected by the
seale of discontinuous crack growth, to be =210 3 grain diameters,
and the tnterfacial traction-zone length behind the erack up to be
2100 grain diameters. These dimensions wall serve as a basis for
our {racture mechanics modeling in Part 1L,

APPENDIX

Evans and Faber® provide 2 formulation of the frontal micro-
erack zone model from which we can estimate the spatial eatent of
any mucrocracking, Assuming that the pnmary-crackiniucrocrack
interaction anises pancipally from an averaged dilatancy within the
frontal zone, yet (to a first approximation) without perturbing the
stress ficld outside the zone, these authors take the zone width
(measured perpendicular to the crack planc) as

ho= (30 + ¥P127) (Ko, )

where 1 is Poisson’s ratio, K™ 18 the stress intensity factor 2ssocie
ated with the applied ficld, and o 15 the cntuical local stress for
microcrack initiation. Inserung » = 0,22, X* = 6.5 MPa-m**?
(saturation toughness, sec Part l1), and o, = 20 MPa (estmate
from Evans and Faber), we obtain h =~ § mm for our alununa.
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Crack-Interface Grain Bridging as a Fracture

Resistance Mechanism in Ceramics:

II, Theoretical

Fracture Mechanics Model
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A fracture mechanics model is developed for nontransforming
ceramics that show an increasing toughness with crack exten.
slon (R-curve, or T-curve, behavior), The model derives from
the observations ia Part I, treating the Increzsed crack re-
sistance as the cumulative ¢ffect of grain bridging restraints
opersling behind the sdvancing tip. An element of discrsteness
Is Incorporated into the formal disiribution function for the
crack-plane restralning siresses, (o account for the primary
discontinuities In the observed crack growth, A trial force.
separation functiza for the local bridge microruplure process
Is adopted, such that an expression for the microstructure-
associated crack driving (or rather, crack closing) force may
be obtained i analytical form. The description can be made to
fit the main (rends in the measured toughness curve for a
cearse-grained aluming, Parametric evaluations frem such (its
conveniently quantify the degree and spatial extent of the
toughening due to the bridging. These parameters could be
useful in materials characlerization and design. It Is suggested
that the mechanics formulation skould be especially applicable
to configurations with short cracks or flaws, as required in
strength anxiysis.
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1. Introduction

E HAVE presented direct experimental evidence in Part 1 for

3 mode of crack restraint by grain-localized interfacial
bridging behind the advancing tip.' The suggestion was made that
this mode of restraint is probably a dominant mechanism of
R-curve behavior in ceramics, at least in nontransforming ce-
ramics. Consequently, there is a necd to develop a suitable fracture
mechanics model. to establish a sound basis for matenals design.

‘This need constitutes the primary driving force for Part [l of our
study, We shall desive a {formulation for the erack resistance as an
increasing function of crack size, bounded in the lower limit by
some intrinsic toughness (determined by bulk cleavage or grain
boundary energies) and in the upper limit by the macroscopic
toughness (representative of the microstructural composite). Fol-
lowing Part I, we shall again take coarsc-grained alumina as our
representative material, using the measured scaling dimensions for
the inierfacial bridging process as a basis for quantitative analysis
of the observed R curve (or, as we shall come to cali it, the T
curve). In setting up our model we will be particularly mindful of
the discontinuous (yet highly stable) nature of the crack growth
during the Joading to failure, most notably in the strength configu-
rations.' Speaking of strength configurations, the present analysis
supersedes that described in an earhier study using controlled
flaws,>* where the microstructural contnbution to the fracture
mechanics was introduced empincally without reference to any
specific tougheming mechanism.

An important feature of our modeling will be the capacity for
separating out the fracture mechanics from the matenal character-
1sucs. Essentially, our formalism requires us to specify a local
force-separation relation for the restraining interfactal hgaments




2% Journal of the American Ceramic Society—Mai and Lawn

Our observations in Part | provide litle cluc as fo what funda.
mental matenal quantitics should appear in this selation, bug they
contain tome indications as (o the farm (1.¢.. pronounced tnll and
spatial evtent (r.c.. as deteemined by the entical bndging dimen.
stons referred 1o abave) of the functional dependence 1118 thus
inevitable that our treatment, while structured on a well-confirmed
physical separation model, will retsin an clement of smpincism.
We shall make use of precedents sct clsewhere in decading oa an
approprate function for our alumina, This approach wall preclude
us (rom making a prioei predictions of R-curve behavioe in ntker
matenals. Accordingly, ijucstions as 10 why R-¢urve behavior 15 50
vartable from material to material {even for matenicls of the same
ronunal composition, differing only in the graty boundary struce
tures),? ? are posed as important topic areas for future researchers.
Convergely. our formulation will enable us 1o desenbe the com.
plete ersek resistance behavior for a given material without explicit
knowledge of the {undamental underlying separation relatians.

Once again, let us Torerhadow one of the ultimate goals of our
study. 1o actount {or the anomalous strength characterisies shown
by mategsals with strong K-curve behavior.” * In this paper e shall
confine curselves 1o gualiranve cxplanations of some of the more
distinetive features of the erxck response from indentation flaws,
namely, the relative insensutivity of {ailuge stress to flaw size atlow
loads and the 3s30ciated growth discontinuities. A detailed quan.
utative treatment of the problem. in which the indentation-strength
data are tnverted to obtain the R curve, will be given elsewhere,*

1. Interfacial Crack Restraint Model

In thig scction we develop a fracture mechanics model for 2
crack resteained af its newly formed interface by distributed closure
forces. These closure forees ate identificd with unruptured bridges
whose speaific nature is deternuned by the ccramic microstructure,
As such, the restraing 1s analogous to that considered in the {iber-
reinforced ceramic compusite models,>? although the underlying
microstruciural rupiure mechamsms tn the monophise matenals of
pamary interest here may be of an entirely different kind. We shall
begin with a general statement of the crack resistance problem and
progressively introduce factors specific to the processes described
in Part |,

t1) General Statement of Crack Resistance Problem

Qur analysis here is bazed on equilibrium fracture mechanics,
1.c.. 0n the Guffith notion that a crack is on the verge of extension
when the det mechanical dnving force on the system is just equal
(o the intnnsic resistance {loughness) of the material.” The cqui-
librium can be stable or unstable. depending on the crack-size
vanianon of the opposing force terms. The terminology “R eurve™
denives from cnergy release rate {G) considerations, where
R = Ric) is the crack-size-dependent fracture surface energy of
the material. Here we shall work instead with stress intensity
factors LX) because of their simple linear superposability, replacing
R with an analogous toughness parameter 7 = T{c): hence our
preference for the term “T curve™.”

Our starting point is 2 general expression for the net stress
tensuty factor for an equilibrium crack:’

K=k +2K=T, ()]

K. = K.tc) ss the famihar contribution from the applied loading.
The terms K, = X,(c) represent contrnibutions from any “intemal™
forces that might act on the crack, such as the microstructure-
associated forces that we seck 10 include here. Ty 18 taken to bz the
mteznsic matenal toughness (1.c.. the effective K¢ for bulk cleav-
age or geain boundary fracture), sinctly independent of crack size.
Of the ndvidual X teems in Eq. (1) 1815 only X, which 1s mom-
tored directly, via the external loading system, in a conventional
fracwure test. Consequently, it has become common practice to
regara the X, terms imphcntly as part of the toughness charucter-
istic. This philosophy s formalized by rewnting Eq. t1) i
the form”

Vol. 70, No. 4
K.mT =uTa= 3K, 21

The quantity T = T(¢) defines the effective toughness function, or
T curve. To obtain 3 nning T eurve, the A ) functional depens
deicies rust be cither postilive decreasing o negative increasing

The existence of a nsing T curve introduces a statuhizing influ.
cnce on the crack growth. We have alluded 1o such stabilizanion
tepeatedly in Part L. From Eq. (1), the condition for the equis
librium to remain stable is that dA'/de ~ 07 trevalling that
dlwde = 0). Conversely, the condition for nstabulity s that
dK Jde > 0 (although sansfaction of this condition daes ot
always guarantee falure; sec Secuon IV In terms of Eq 1211he
corespanding stabilitylinstability conditions are expresuible ac
dK,}de = oT[de. This latter {orms the basis for the coavennonat
T:curve (R-curve) construction.

(2) Microstructure-Associated Siress Intensity Factor

Now let us consider the way in which the microstructural srack
tesicaining forces may be folded into the fracture mechanies de.
scnption. Specifically, we seck to introduce the cffect o1 re.
straining bridges behind the growing erack up as an intemal stress
intensity factor &, = K,,. We shall {ocus specifically on line eracks
in this paper, although this should not be seen ag restncting the
gencral applicability of the approach.

The configuration on which our model is 10 be based 14 shown
in Fig. 1, The interfacial bridging ligaments are xepresented by the
amay of force canters (circles) projected onto the erack plane. (This
array is depicted here as regular but in reality of course there wall
be 2 degree of variability in the distribution of centers.) Here ¢ 18
the distance from the mouth to the {ront of the erack and & 15 the
fncan scparation between closure force centers. Note that at very
small crack sizes, ¢ < dg, where dp is the distance 10 the first
bridge (not necessarily identical with d; sce Scetion I, the front
encounters no impedance. As the front expands. bridges are acn.
vated in the region da 33 x < ¢. These bridges remain active until,
at some critical crack dimension ¢ (¥d), ligamentary rupture
occurs at those sites most remote from the feont, Thereafter a
steady-state activity zone of length ¢ — dy simply transhates with
the growing crack.

This configuration would appear to have all the necessary ingre-
dients to account for the most important features in the ¢rack
response observed in Part I, The enhaneed stability arises {rom the
increasing interfacial restraint ag more and more bridging sites are
activated by the expanding crack. The discontinuous nature of the
growth follows from the discretencss in the spatal distnibution of
closure forces at the crack plane. Thug the iitial erack may be-
come trapped at first encounter with the bridge encrgy barriers. If
these barriers were 1o be sufficiently large the entire erack front
could be retarded to the extent that, at an increased level of applied
siress, the next increment of advance would occur unstably to the
second set of trapping sites (pop-in). With further increase in
applied stress the process could repeat itsell over successive bami-
ers, the Jump frequency increasing as the expanding crack encom-
passes more sites within its front. Thare 1 accordingly a smoothing
out of the discreteness in the interfacial restraints as the erack
grows larger unti! ultimately, at very large erack sizes, the distribu-
tion may be taken as continuous.

In principle, we should be able to write down an appropriate
stress intensity factor for any given distribution of discreie re-
straining forces of the kind depicted in Fig. 1. Unlortunately, the
formulation rapidly becomes intractable as the number of active
restraining elements becomes larger. To overcome this difficulty
we fesort 0 an approximation, represented in Fig. 2. in which
the summation over discrete forces F(x} is replaced by 2n integra-
tion over continuously distributed stresses ptx) = F(x)/d* These
stresses have zero value in the region.x < da, reflecting the neces-
sary absence of restraint prior fo intersection of the first bridging
sites. They have nonzero value in the region ds < ¥ < ¢ uptothe
crack size at which ligamentary rupture occurs (dy S « S ¢*).and
theeeafter n the region dy + ¢ = ¢* < x < ¢ where a steady-
state configuration obtains (¢ > «*). This approximation is tanta-
mount to ignonng all but the first of the discontinuous Jumps in the
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Fig. 1. Schemanc of bndging model. @ denotes ofi-
gin. L front, of crack Curcles indicate bridges, open
viteles dendte Xine sites, closed circle potential sites,

observed erack cvolutign. We might consider such sacrifice of part
of the physical reality 1o be justifiable in those cascs where the
enncal erack confliguration encompasses many bridging sites, as
perhaps in 3 typical strength test.

The problem may now be formalized by writing down a
microstructure-associated steess intensity factor in terms of the
familiar Greens function solution for line eracks:” "

N.=0 (dy>¢) (du)
K, = -(2»’:,‘:)c”[ PR/t - )3
du
(oSese¢®) ()

K, = -lM/.-.')c"I'p(.t)d(.r)l(c’ -
"

(c >c*) 3e)

where 1 is a numencal erack peometry term (™" °). At this point
another major difficulty becomaes apparent. We have no basis,
either theorctical or expenimental, for specifying a priori what
form the closure stress function pix) must take, On the other hand,
we do have some fecling from Part I, albeit limited, as to the
functional form plu). where 1 is (onc half) the crack opening
displacement, Moreover, 1t is plu) rather than p(x) which should in
panciple (if not readily in practice) be amenable to independent
experimental or theoretical determination. Thus, given knowledge
of the crack profile, we should be able to replace & by u as the
integration vaniable in Eq. (3), and thereby proceed one step closer
10 a solution,

However, even this step involves some uncertainty, since the
crack profile itsclf is bound to be strongly influenced by the dis-
tribution of surface tractions: i.e., u(x) strictly depends on plx)
{as well as on the applied luading configuration), which we have
just acknowledged as an unknown. A proper treatment of the
fracture mechanics in such cases leads to a nonlinear integral
equation,* for which no analytical solutions are available, Wath this
in mind we introduce a simplification by neglecting any effect that
the tractions mught have on the shape of th= profile. yet at the same
ume taking due account of these tractions, via the way they modify
the ner dnving force K in Eq. (1), in determimng the magmuude
of the crack opening displacements. Accordingly. we choose the
familiar ncalr'-'l’:cld solution for a slitlike crack 1n cquilibrium, 1 ¢,
ak = Tu.‘

ux.o) = (VBT mENe - 0" )

where £ 15 Young's modulus. Substitution of Eg. (4) mto Eq. (3)
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Fig. 2. Representation of bridging restratnt over ek
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lice Fug. 1),

then gives, in the approximation dy =+ & (c.g.. specimens with
large notches; sec Section 1)

A.=0 (ds >"¢) tSa)
Adg. 1

K. m =(EfTo) plu)du eSS e =c¢?) i)
a

K, = -(E/To)f pu)du e > ¢*) t5c)
o

We point out that u® = u(ds, ¢*} is independent of ¢, 50 K, cuts
offate = c*.

Thus by sacrificing self-consistency in out solutions, we have ob-
tained simple working equations for evaluating the microstrueture.
associated stress intensity fastor. We have only to specify the
stress-separation function. plu).

(3) Stress-Separation Function for Interfacial Bridges

The function plu) is determined completely by the nucro-
mechanies of the ligamentary rupture process. We have indicated
that we have limited information on what form this function should
take. Generally, p{u) must rise from zcro at 4 = 0 (o some maxi-
mum, and then tail off 10 zcro again at the characteristic rupture
separation &*. There are instances in the literature where the nsing
portion of the curve is the all-dominant {feature, ¢.g.. 35 in bnttles
fiber-reinforced composites where abrupt failure of the ligaments
cuts off an otherwise monotonically increasing frictional re-
straining force.>* On the other hand, there are cases where the il
dominatces, as in concretes where the separation process is much
more stable, Our observations on the alumina in Part | would
suggest that it is the latter examples which relate more closely (0
the polycrystalline materials of interest here. Morcover, specific
modeling of one of the potential separation factors alluded to in
Part |, frictional pullout of interlocking grains, does indeed result
in a morotonically (lincarly) decreasing plu) function.”

Thus we are led to look for a trial stress separation function
which is tail-dominated. The function we choose is

plu) = p*{l ~ ufu*)” 0susu) (6)

where p* and u® are limuing values of the stress and separation,
respectively, and m 1s an exponent. This equation 18 illustrated by
the solid curves in Fig 3 for three values of m:m = 015 the
simphistic case of a uniformly distnibuted stress over the bridging
acivity zone: m = | comresponds 1o the frictional pullout mech.
amsm just mentioned:”¥ m = 215 the value adopted empincally for
fiber concretes.” As we shall see, m reflects most strongly in the

way that the ulimate T curve cuts off in the large crack size it
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values of exponent m in Eq. (). Broken curve s more
“realistic™ function,

Note that the representation is extreme in the sense that it rorally
ignores the rising portion of piu) (cf. the broken curve in Fig, 3).

Equation (6) may now be substituted into Eq. (5) and the inte-
gration Caried out to give

Ke=m 0  (dy>0) (7a)
Kom =T = T {1 = {1 = {{c = dal/(c® = d}"*)"")

dasc=c) ()
K= =Ts =T (e>¢%) {7¢c)

where we have made use of Eq. (4) to eliminate 4* = w{du,c®) in
favor of ¢*, i.e.

c* = dy + (wEL*[2VIYTY @)
and where we have defined

To= Ty + Ep*u®/lm + )7, (9)
to ¢liminate p*,

1II. Crack Resistance Curve

We are now in 2 position 10 generate the effective toughness
function from Eq. (2), i.c. '

Tle) = Ty ~ K. (c) (10)

once the parameters Ty, T, ¢*. du, and m are known for any given
material, Here we shall focus on the derivation of these parameters
for coarse-grained alumina, leaving consideration of the crack
stability (including the grain-scale discontinuities in growth re.
ferred to in Pact 1) to the Discussion (Section IV),

Usually, crack resistance data are obtained from test configu-
rations which employ a starter notch, as introduced, for example,
by sawcutting. The use of such a notch, in addition to providing a
favorable geometry for running the crack, conveniently establishes
the origin of extension at the base of the T curve. We now need io0
transform our coordinates, as defined in Fig, 4 we havec = ¢y +
Ac. du = co + d. where ¢y is the notch length. Combining
Eqs. (7) and (10) then gives

TAc)=Te (d > Ac) dia)
THA) =T = (T = Th)
Xl = [(Ac ~ DA ~ )"
s adcsac) (b

Yol, 70, No. 4
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Fig, 4. Coordinates for crack system with stariee
notch. Effect of nowch is 10 remove all "memony™ of

giagkm_m:m over 00", cquivakent to redefining
;:c Fqncl origin 8 O°. Circles indicate dridging sites a3
ig. 1.

TAc) =T (Ac > d¢*) He

Thus within the limits of the approximations used here (most
notabiy the “small-3cale ~one™ approximation used ta derive
Eq. (5)), we obain a T curve which Is geometry insensitive, f.e.,
independent of ca. Note alsa that the steady-state bridging 2one
length from Eq, (8)

Ac® m d + (nEu*/2V2 4150 (2

is likewise geometry insensitive, We shall have more to say about
this in Section IV, At this stage the rationale for our parameter
definitions becomes apparent: To and T define the lower and uppir
bounds, and Ac® the 3patial axtent, of the T curve,

To illustrate the applicability of the formulation we examine the
degree of fit of Eq. (11) to some experimental data, provided to us
by M. V. Swain on a coarse-grained alumina. The material tested
by Swain was of closely similar microsticucture to that of the
alumina used by us in Part ], i.e., reasonably large grain size
{16 pm; cf. 20 pm in Part 1) and nominally pure composition. He
used rectangular double cantilever beam (DCB) specimens, dimen-
sions 50 by 8 by S mm, notch length 1] mm, to obtain his crack
data, These particular data were chosen over others in the literature
because of the special precautions taken to minimize specimen end
effects (see Section {V), Swain's results are plotted as the data
points in Fig. 5. The theoretical fits, shown as the solid curves for
fixed exponents m = 0, 1, and 2, were computed for trial values
of d = 50 um (=3 grain diameters) and Ac® = 10 mm (~600
grain diameters) in accordance with the cstimates from Part 1, with
To and T as regression adjustables.

A word of caution is in order here. Any “goodness of fit" that
we might consider evident in Fig. 5 may properly be taken as
lending credence to our model. However, it should not be seen as
constituting proof of our model. In essence, our equations contain
five purameters whose values are, to a greater or lesser extent,
unknown 2 priori. Thus, for instance, the accuracy of the fit is not
sensitive to the trial value of d, but it is sensitive o Ac® (reflecling
the fact that the DCB data are weighted toward the region
Ac » d). Such sensitivity to the choice of any one parameter
inevitably contributes 1o the uncertainty in the other parameters.
Consequently, despite all outward appearances in Fig. . we would
be reiuctant to assert that m = 0 is the “true” value of the tough-
ness exponent.

Notwithstanding these uncertainties 1n the parameter deter-
minations, we may uscfully estimate the {orce-separation parame-
ters p* and w* in Eq. (6). Thus, substituting £ = 400 GPa,
¥ = 7' (ideal line cracks), along with the best-fit values of T,
into Eq. (12) gives u* = 1 um (ndependent of m). This is of the
order of the crack opening displacements evident in the micro-
graphs in Part 1. Further substitution together with the regressed 7.
values into Eq. (9) gives p* = 25 MPa (m = 0), <0 MPa
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for = }),3nd 55 MPa(m = 2), If these stress le=<!s seem low, we
may note that the composite quantity p*u®/(m -+ '), which repre-
scnts the work per unit area fo separate the Widges aross the
fracture planc (see integral in Eq. 5(c)). is of order 20 Jom™3, i.c.,
comparable with typical (racture surface encrgies.

Finally in this section, let us note that we have vat lo addres< the
issuc of crack instabilities in the T-curve charactesistic, Recall that
our analysis smoothes out all but the very first bridge discontinuity,
fiea ate m dy the data i Fig. § are insufficiently detsiled in this
tegion to allow any quantitative resolution of this Juestion, We
need 10 go to short-crack configurations. An account of the T-curve
construction for such configurations is deferred 0 Section 1V,

IV, Discussin

We have derived a T-curve (R-curve) model based on bridging
tractions at the crack interface behind the advancing tip. The model
contains several adjustable parameters, but parameters to which we
may nonctheless attach physical meaning. Thus the spatial parame-
ters ¢* (Ac®) and ¢!, respectively, define the range of the T curve
and the characierisiic separation between bridging elements, The
toughness parameters Ty and T respectively define the base crack
resistance in the absence of microstructural restraints (lower limit
10 T curve) and the macroscopic crack resistance (upper iimit).
Then we have the parameters m, p*, and &®, which determine the
empirical force-separation “law™ for the bridging process. These
parameters, once evaluated for a given material, could be useful in
structural design.

It is instructive to consider how the present treatment of the
microstructural contribution o crack resistance characteristics dif-
fers from that proposed in an earlier study of indentation-strength
systems.” In that study the microstructure-associated stress in-
tensity facior K. (cf. K. used in this work) was introduced in terms
of an empirical grain-localized driving force at the radial crack
center. in direct analogy to the (well-documented) residual-contact
force field.""* There, K. was defined as a positive term de-
creasing with respect to crack size, with T, as the reference tough-
ness level (i.e., the level at which K., = 0). Here, K,. is defined
as a negative (closure) term increasing with respect to crack size,
with 7y to the reference toughness level (K., = 0). Conventional
fracture mechanics measurements, i.c., measurements of crack
size as a function of applied load, cannot in themselves distinguish
between these two alternative K descriptions, It is in this context
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that the direct observations in Part | may be seen as ennical. More.
aver. the new madel has its roots in a positively Wentifiable toughe
cning mechanism, so aking us onc step closer 1o a fundamental
base for 3 prioei predictions.

However, it needs 10 be reemphasized that the element of empirs.
cism has not been entirely elitiinated In the peesent treatment.
Thero is the issue of 1he force-scpanation relation plu), which we
have representad by the tail-dominated function in Eq. (6). Ideally.
we would like to be able 1o determine plu) from first panciples. but
this wouks = vire a more detailed understanding of the grain
bridging micromechanisms than is available at present Only then
may we hope to specify what intrinsic material propertics, other
than £ and Te (e Eq. (5)), govem the toughness behavior. At that
$tage we may be in 2 position 10 answer somc of the more pressing
qQuestions that adsc in coanection with obscrved 7-curve trends.
Thus, what is the explicit dependence of toughness on gran size,
and (perhaps more intriguingly) what is it about the incorparation
of a glassy grain boundary phase which 3o dramatically washes ut
the T-curve effect?™! What role do intemal microstresses play? It
is with such issues that our ultimate ability 1 tailor superior struc-
tural ceramics must surely rest.

There are other timitations of our analysis which warrant fusther
comment, particularly in relation to geometric effects. In our Quest
{or an analytical solution 10 the fracture mechanics equations we
have resonted to & questionable approximation of the crack-wall
displacement profile, Eq. (4). Quite apart from the fact that this
approximation is strictly justifisble only for traction-{rze walls,
fve.. inclear violation of the very boundary conditions that we seck
to inzorporate into our analysis, it requires that we should not
attempl 10 extend the description beyond the confines of the near
field. Yet the results of our experimental observations in Part |
show bridging activity zones of order millimeters, which is by no
means an insignificant length in comparison to typical fest speci-
men dimensions, Th.s, contrary to the predictions of Eq. (1), we
should not be surprised to find a strong geometry dependence in the
measured T-curve response, Such a dependence has been observed
in practice, particularly in single-edge-notched beam specimens of
alumina with different starter notch lengths,' " There are in fact
reported instances, in fiber-reinforced cements,™ where specimen
size effects can dominate the intrinsic component in the T-curve
characteristic. This is an added concem for the design engineer,
whose faith in the T-curve construction is heavily reliant on our
ability 1o prescribe T(c) as a true material property.

Notwithstanding the above reservations, let us retum to the
question of crack growth discontinuities raised toward the end of
Section 111, It was pointed out that we need to consider short
cracks, i.e., cracks smaller in Jength than the distance to the first
bridging sites, and indeed preferably smaller than the mean bridge
spacing itself.. This is, of course, the domain of natural flaws. The
indeniation method is one way of Introducing cracks of this scale,
with a high degree of control, and will be the subject of a detailed
quantitative analysis elsewhere.! For the present, we simply con-
sider such a crack, but without residual contact stresses, subjected
10 2 uniformly applied tensile stress, o.. Figure 6 is 2 schematic
T-curve construction for this system, showing how the initial crack
at ¢ < d evolves as the applied stress Is increased fo failure. The
plot is in normalized logarithinic coordinates, to highlight the
response at small ¢. This sume plotting scheme allows for a con-
venient representation of the applied stress intensity factor,
K, = Yo,c'?, as a family of parallel lines of slope V5 at different
stress levels. The sequence of events is then as folt ws: (i) at
loading stage 1. K, = K.{o.), the crack remains . ationary;
(i) at stage 2, the crack atains equilibrium at X, = T{c), and
extends from an unstable state at / (dK,/dc > dT/dc) to a stable
state at J (dK./dc < dT[dc): (iii) on increasing the load to
stage 3, the crack propagates stably through J 10 L up the T curve;
(iv) at stage 4, a tangency condition is achieved at M, whence
failure occurs. Thus our model has the capacity to account for the
first crack jump discontinuity (pop-in), as well as the enhanced
stability, we have come to associate with this class of matenal.

As a corollary of the construction in Fig. 6, note that the cntical
loading condition at M 1s not affected in any way by the imitial
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Fig, 6. T-curve constouction for short erack ¢ (6 2 ¢ X cw). Solid
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erack size ¢y, peovidad thix initial size falls within the range
tn % € 5 tu. This explying why the strengths of specimens con-
taining controlled flaws tend 1o level off at diminishing crack size
(indentation load).” Thus we have a region of “flaw folerance,” a
desirable quality from the standpoint of engincering desigr.
Finally. we are led to believe that the notion of crack interface
bridging may have a far greater generality in the accounting of
T-eurve behavior in ccramics than previously suspected, We have
singled out coarse-grained alumina for special study, but the caclier
indentation-strength studies on a wide range of materials suggests
a ccmm commonality in the underlying mechanisms of tough-
ening.’\ Al the same time. the validity of popular altemative
models, particulacly those founded on the hypothesis of a dispersed
microcracking zone, is in serious doubt, These strong conclusions
derive primarily from the direct observations described in Part 1,
The use of such observations as a means of identifying the re-
sponsible tougher.ing mechanisms has been conspicuously absent
in the ceramics litcrature, There is a clear need to develop the
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present treatment further. cspecially in regacd (o the bridging force.
separation function. Further, the formulation should be extended 1o
include namequiliberum states, where the T cueve is expected (o
mamfest iisell in intnguing ways, e.g.. in fatiguc limits and none
unique erack velocity VALY functions. Our model 13 just the first
step to 1 proper understanding of the toughacis behavier of mate-
nals i teems of microstruciural varsables, which we must uin-
mately contral if the goal of the property-tariored ceramic is ever
10 be realized.
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An indentation-strength formulation is presented for nontransforming ceramic materials that
show an increasing toughness with crack length (T curve, or R curve) due to the restraining
action of interfacial bridges behind the crack tip. By assuming a stress-separation funetion for
the bridges a microstructure-associated stress intensity factor is determined for the penny-like
indentation cracks. This stress intensity factor opposes that associated with the applied
loading, thereby contributing to an apparent toughening of the material, i.e., the measured

toughness in excess of that associated with the intrinsic cohesion cf the grain boundaries
(intergranular fracture), The incorporation of this additional factor into conventional
indentation fracture mechanics allows the strengths of specimens with Vickers flaws to be
caleuiated as a function of indentation load. The resulting formulation is used to analyze
earlier indentation-strength data on a range of alumina, glass—ceramig, and barium titanate
materials. Numerical deconvolution of these data determines the appropriate T curves. A
feature of the analysis is that materials with pronounced T curves have the qualitices of flaw
tolerance and enhanced crack stability. It is suggested that the indentation-strength
methodology, in combination with the bridging model, can be a powerful tool for the
development and characterization of structural ceramics, particularly with regard to grain

boundary structure,

I. INTRODUCTION

Recent studies have shown that many polycrystal-
line, non-phase-transforming ceramics exhibit an in-
creasing resistance to crack propagation with crack
length.'* At small flaw sizes, comparable to the scale of
the microstructure, the toughness T'is an intrinsic quan-
tity representative of the weakest fracture path. At large
flaw sizes the toughness tends to a higher, steady-state
value representative of the cumulative crack/micro-
structure interactions in the polycrystal. The progres-
sive transition from the low-to-high toughness limits
during crack extension is described as the T curve. [The
concepts of T curve and R curve are equivalent.’ In the
former the equilibrium condition is obtained by equat-
ing the net stress intensity factor X, characterizing the
net applied load on the crack, to the toughness T (alter-
natively designated Ko in some of the eurlier
literature) characterizing critical crack resistance
forces. In the latter, the mechanical encrgy release rate
G, derived from the work done by the applied loading
during crack extension, is equated to the energy neces-
sary to create the fracture surfaces R.]

* Onleave from the Department of Mechanical Engineering, Umiver-
aty of Sydney, New South Wales 2006, Australia,
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Perhaps the most comprehensive studies of this T-
curve behavior have been made using a controlled flaw
technique,' in which the strengths of specimens con-
taining indentations are measured as a function of iden-
tation load. It was found that, for large flaws, the
strengths tend to an “ideal” — | power law dependence
of strength on indentation load, indicative of a nonvary-
ing toughness. At small flaw sizes, however, the
strengths decrease markedly from this ideal behavior,
tending instead to a load-independent plateau. Signifi-
cantly, in a group of polycrystalline alumina materials it
was found that the strengths at large flaw sizes were all
greater than those of single-crystal sapphire, whereas
the reverse tended to be true at small flaw sizes.! Taken
with the observation that the fracture in these aluminas
is intergranular, these results suggest that the grain
boundaries are paths of weakness but that there is some
mechanism operating that more than compensates for
this intrinsic weakness as the flaw size increases. More-
over, the strength-load responses of the polycrystalline
materials themselves, even those with similar grain
sizes, tended to cross each other.' It would appear that
the nature of the grain boundary, as weil as the grain
size, influences the fracture behavior.

Two other sets of experiments provide vital clues as
1o the mechanism of crack/microstrecture interaction
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underlying the T-curve behavior, In the first set, Kne-
hans and Steinbrech® propagated large cracks in alu-
mina using the single-edge-notched beam geometry.
They observed strongly rising T-curves as cracks propa-
gated from the tip of the notch, However, when interfa-
cial material was removed from behind the crack tip by
careful sawing, the toughness did not continue up the T
curve but reverted toits original level, implying that the
critical mechanism must be operating in the “wake" of
the erack tip. In the second set of experiments, Swanson
etal* observed crack propagation in alumina using both
indented-disk and tapered-cantilever beam specimens.
Acive grain-localized “bridges" were observed at the
pritnary crack interface, over a “zone length" of milli-
meter scale. The implication here is that interfacial
bridging ligaments behind the tip are providing a re-
straining influence on crack extension. The reversion to
the base of the T curve in the experiments of Knehans
and Steinbrech may be interpreted in terms of the remo-
val of these restraining ligaments.

Mai and Lawn'® developed a fracture mechanics
model for the propagation of ligamentary bridged
cracks, incorpcrating parameters characterizing the in-
terbridge spacing, the intrinsic intergranular toughness,
and the force-extension “law" for the bridges. They ap-
plied the model 1o the propagation of full-scale cracks
propagating under double cantilever loading and there-
by demonstrated consistency with the measured T-
curve response in a polycrystalline alumina.

Here we shall apply the Mai-Lawn bridging model
10 the mechanics of the indentation-strength test, It is
appropriate to do this for two reasons. First, indentation
cracks are strongly representative of the small “natural®
flaws that control the strengths of ceramic materials in
service.! Second, and most important, the indentation
methodology will be seen to be ideally suited to quanti-
tative analysis of the T-curve function. For this purpose,
recourse will be made to several earlier sources of inden-
tation-strength data, covering a broad spectrum of ce-
ramic materials."*!' The consequent manner in which
the indentation-strength test highlights one of the most
important manifestations of T-curve behavior, namely
flaw tolerance, will emerge as a uniquely appealing fea-
ture of the approach. The potential for using the atten-
dant parametric evaluations in the T-curve analysis as a
tool for investigating the role of chemical composition
and processing variables as determinants of toughness
properties is indicated.

IIl. INTERFACIAL CRACK RESTRAINT MODEL

An earlier fracture mechanics model' for straight-
fronted cracks restrained by interfacial bridging liga-
ments is reproduced here in modified form, appropriate
to penny-like indentation cracks.

A. Equilibrium crack propagation

A (racture system is in equilibrium when the forces
driving the crack extension are equal to the forces resist-
ing this extension. Equilibria may be stable or unstable,
depending on the crack-length dependence of these
forces.” Here we shall characterize the driving forces by
stress intensity factors X'(c) and the fracture resistance
by toughness T(c), where ¢ is the crack size. We may
consider separately the stress intensity factor arising
from the applied loading X,, which is directly moni-
tored, from that associated with any internal {orces in-
trinsic to the microstructure X,,, such as the ligamentary
bridging forces we seck to include here. We may then
conveniently regard the {racture resistance of the mate-
rial as the sum of an intrinsic interfacial toughness of the
material T, and the internal X, terms.” Hence our con-
dition for equilibrium may be written

K, (€)= T(e) = Ty = SK. (o), (1)

where we have summed over all internal contributions.
We emphasize that Ty is strictly independent of crack
length. The quantity T(c) is the effective toughness
function, or T curve, for the material. To obtain a rising
T curve, i.¢., an increase in toughness with crack length,
the sum over the K, (c) terms must be cither positive
decreasing or negative increasing. In terms of Eq. (1)
the condiiion for stability is that dX, /dec <dT /de and
for instability dX, /dc > dT /dc.’ We see then that a ris-
ing T curve, where dT"/dc>0, will lead to increased sta-
bilization of the crack system.

B. Microstructure-associated stress intensity
factor

We seek now to incorporate the effect of restraining
ligaments behind the growing crack tip into a micro-
structure-associated stress intensity factor, K, = X, X,.
In the context of indentation flaws we shali develop the
analysis for cracks of half-penny geometry.

A schematic model of the proposed system is shown
in Fig. 1. The interfacial bridging ligaments are repre-
sented as an array of force centers, F(r), projected onto
the crack plane. Here ¢ is the radius of the crack front
and d is the characteristic separation of the centers. At
very small cracks sizes, ¢ <d, the front encounters no
impedance. As the front expands, bridges are activated
in the region d<r<c. These bridges remain active until,
atsome critical crack sizec* (»d), ligamentary rupture
occurs at those sites most distant behind the front.
Thereafter a steady-state annular zone of width ¢* — d
simply expands outward with the growing crack.

The qualitative features of the crack response ob-
served by Swanson et al.* would appear to be well de-
scribed by the avove configuration. Enhanced crack sta-
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FIG. 1. Schematic diagram of 2 half-penny, sutface erack propagating
through a matenal with brdging ligaments impeding the crack mo-
tion. Hered is the mean higament spacing, e is thegrack radivs. and ris
the radial coordinate from the penny arigin; @ denotes the active liga.
ment $its and © denotes potential ligament sites.

bility arises from the increasing interfacial restraint as
more and more bridging sites are activated by the ex-
panding crack front (the number of active bridges will
increase approximately quadratically with the crack ra-
dius). The discontinuous nature of the crack growth
follows from the discreteness in the spatial distribution
of the closure forces in the crack plane. Thus we imagine
the crack 1o become trapped at first encounter with the
barriers. If these barriers were to be sufficiently large the
crack front could be “trapped” such that, at an in-
creased level of applied stress, the nextincrement of ad-
vance would occur unstably to the second set of trap-
pingsites. Furtherincreases in applied stress would lead
to repetitions of this trapping process over successive
barriers, the jump frequency increasing as the expand-
ing crack front encompasses more sites. There must ac-
cordingly be a smoothing out of the discreteness in the
distribution of interfacial restraints as the crack grows
until, at very large crack sizes, the distribution may be
taken as continuous. With regard to the steady-state
zone width (c* — d) referred 1o above, our own obser-
vations and those of Swanson er al.*'* indicate that, fora
given material, there is a characteristic distance behind
the crack tip that contains apparently intact bridges.
In principle, we should be able to write down an
appropriate stress intensity factor for any given distribu-
tion of discrete restraining forces of the kind depicted in
Fig. 1. However, an exact summation becomes intracta-
ble as the number of active restraining elements be-
comes large. To overcome this difficulty we approxi-
mate the summation over the discrete force elements
F(r) by an integration over continuously distributed
stresses o(r) = F(r)/d *. We plot these stresses for three
crack configurations in Fig. 2. These stresses have zeso
value in the region r <d, reflecting the necessary ab-
sence of restraint prior to the intersection of the crack
front with the first bridging sites. They have nonzero

d<¢c<ce® cmc*® c>et

RESTRAMNING STRESS. « ¥}

CRACK.PLANE TOORDNNATE, ¢

FIG. 2. Stress distribution applicd by the resteaning ligaments over
the crack plane as a funcuion of radial distance from the center of the
crack. Note that the stress is zero for r <d and reaches a steady-state
disteibution for e>c®.

value in the region d < r <c up 1o the crack size at which
ligamentary rupture occurs (d<c<c®) and thereafterin
the region d - ¢ — ¢*® < re~c, where a stready-state ¢con-
figuration is obtained (¢> c*®). This approximation is
tantamount to ignoring all but the first of the discontin-
uous jumps in the observed crack evolution. We might
consider such a sacrifice of part of the physical reality to
be justifiable in those cases where the critical crack con-
figuration encompasses many bridging sites, as perhaps
in a typical strength test,

The problem may now be formalized by writing
down a microstructure-associated stress intensity factor
in terms of the familiar Green's function solution for
penny-like cracks'™:

K,=0 (c<d), (2a)
’ "l’ df L ]
R, = —(-‘.l—l'?) J:a(r) r-(—?—:;,)—.ﬁ (d<cget),
(2b)
v dr
K" = -—(?l-l—:-) J:*r-e‘ﬂ(r)r-(?:———’:—)m (c>c*),
(2c)

where ¥ is numerical crack geometry term. At this point
another major difficulty becomes apparent. We have no
basis, either theoretical or cxperimental, for specifying a
priori what form the closure stress function o(r) must
take. On the other hand, we do have some feeling from
the observations of Swanson e al., albeit limited, as to
the functional form (), where u is the crack opening
displacement. Further, it is o(u} rather than o(r) that
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is the more (undamental bridging quantity and thats
more amenable to independent specitication. Thus, giv-
en a knowledge of the crack profile, we should beable to
replace rby « as the integration variable in Eq. (2) and
thereby proceed one step closer to a solution.
However, cven this step involves some uncertainty,
as the crack profile itself is bound {0 be strongly in-
fluenced by the distribution of surface tractions, i.e.,
u(r) strictly depends on a(r) (as well as on the applied
loading configuration), which we have just acknowi.
cdged as an unknown. A rigorous treatment of this
problem invelves the solution of two coupled nonlinear
integral equations, for which no analytical solutions are
available.'* We thus introduce a simplification by neg-
lecting any effect the tractions might have on the shape
of the crack profile, while taking account of these trac-
tions through their influence on the net driving force
K=K, + K, from Eq. (1), in determining the magni-
tude of the crack opening displacements. Accordingly,
we choose Sneddon's solution'® for the near-field dis-
placements of an equilibrium crack, i.e,, X = T,

u(re) = (YTo/Ec'*) (¢ = F)', (3)

where Eis the Young's modulus. Substitution of Eq. (3)
into Eq. (2) then gives

KJ‘ =0 (ccd),
E wid.c}
K, = - (?)J o(u)du (d<c<e?),

o/70

(4a)

(4b)

K, = —(—f—_-)j..a(u)du (c>c*). (4c)

o/J0
We nate that u* = u(d.c®) is independent of ¢ so X,
cuts off at cpc*.

Let us note here that our choice of the Sneddon
profile, Eq. (3) leads us to an especially simple solution
for X, in Eq. (4). In particular, we note that this term is
conveniently expressible as an integral of the surface
closure stress as a function of the crack opening dis-
placement, i.e., a work of separation term. This simple
solution obtains only with the Sneddon profile. It might
be argued that a Dugdale-type profile'® is more appro-
priate, but it can be shown that the fracture mechanics
are not 100 sensitive to the actual profile chosen.'? Our
main objective here is to emphasize the physical vari-
ables involved. Thus by sacrificing self-consistency in
our solutions, we have obtained simple working equa.
tions for evaluating the microstructure-associated stress
intensity factor. We have only to specify the stress-sepa-
ration function o(u).

C. Stress-separation function for interfacial
bridges

The function o(u) is determined completely by the
micromechanics of the ligamentary rupture process. We
have indicated that we have limited information on

what form this function should take. Generally, otu)
must rise from zero at # = 010 some maximum and then
decrease 10 zero again at some charactenstic ruplure
scparation #*. The obscrvations of erack propagation in
alumina by Swanson ¢f al, suggest that it is the decreas-
ing part of this stress-separation response that is the
most dominant in the polycrystalline ceramics of inter-
est here.® The stable crack propagation observed by
those authors has much in common with the interface
scparation processes in concrete materials that are often
described by tail-dominated stress-separation functions.
The stress-separation function chosen is™

o(u) =o*(l ~ufu®)™ \oquiu®), (s)
where o* and u® are limiting values of the stress and
separation, respectively, and m is an exponent. We con-
sider three values of m: m = 0 is the simplest case of a
uniformly distributed stress acting over the annular ac-
tivity zone; m = | corresponds to simple, constant-fric-
tion pullout of the interlocking ligamentary grains;
m =2 is the value adopted by the concrete community
(cquivalent to a decreasing frictional resistance with in-
creasing pullout). As we shall see, the choice of m will
not be too critical in our ability 10 describe observed
strength data. Note that the representation of the stress-
separation function by Eq. (5) is an infinite modulus
approximation in that it totally neglects the rising part
of the o (1) response.

Equation (5) may now be substituted into Eq. (4)
to vield, after integration,

K. =0 (c<d), (6a)
K, = = (T, =Tl = {1 = [c*(c =d*)
c(e®? —d?)]'3)m ) (dgeget),  (6b)
Kp = - (Tn - TO) (c>c.)t (6C)
where we have eliminated the stress-separation param-
eters o* and u*® in favor of those characterizing steady-
state crack propagation,c®*and T, :
¢® = 2(Eut/YTo)* {1 + (1 + 4(¥Ted 2/Eu*)*)' %)
(7)

and
T, =Tyt Ectu*/(m + 1)T,. (8)

These latter parameters are more easily incorporated
into the strength analysis (o follow.

A useful quantity is the work necessacy to rupture
an individual ligament. This work is a composite mea-
sure of the maximum sustainable stress and maximum
range of the stress-extension function of Eq. (5) and is
given by the area under the stress-separation curve
o(1). We may express this area as

M =f o(u)du =
(1]

o*u*

——, (%)
(m+1)
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Itis uscful to compare this quantity with the intrinsic
interfacial energy”

o= T3/2E. (9b)

The I terms in Eq. (9) are related, through Eq. (8), by
the ratio

[/ Ty= AT, = T/ T (10)

which may conveniently be regarded as a toughening
index.

D. Strength-indentation load relations

We are now in the position to consider the mechan-
jcs of a test specimen containing an indentation crack
produced at load P and subsequently subjected to an
applied stress o, To obtain the “inert strength o, , we
need to determine the equilibrium instability configura-
tion at which the crack grows without limit.

In indentation crack systems the stress intensity
factor associated with the residual contact stresses X,
augments the stress intensity factor associated with the
applied loading X, eflectively giving rise to a ner applied
stress intensity factor X' ."*" Equation (1) b=comes

K=K, +K,=T(c)
w da, ¢ g PO = Ty= K, (c), (1)

where y measures the intensity of the residual field. We
note that X, is inverse in crack size and hence will
further stabilize the fracture evolution." The indenta-
tion load determines the initial crack size at o, =0, but
because of the stabilization in the growth we should not
necessariiy expect this initial size to be an important
factorin the fracture mechanics. Qur problem thenisto
combine Eqs. (6) and (11) and invoke the instability
condition dX ! /dc>dT /dc to determine the strength as
a function of indentation load.

Unfortunately, it is not possible to obtain closed
form solutions to this problem. Limiting solutions can
be obtained analytically, however, and we consider
these first.

(/) Small cracks (low P). In the region c<d we
revert to the ideal case of zero microstructural interac-
tion, such that Eq. (6a) applies. In this region it can be
readily shown that the equilibrium function o, (¢) ob-
tained by rearranging Eq. (11) passes through a maxi-
mum, up to which point the crack undergoes stable
growth.' This maximum therefor: defines the instabil-
ity point do,/dc =0 (equivalent to the condition
dK ) /de =dT /de =0 here):

0‘,’,, o 37-5/!/4-1!\!!,('1,}))”). “2)
The region of validity of this solution is indicated as
region I in Fig. 3.

(if) Large crr~ks (high P). In the region ¢} c*, Eq.
(6¢c) applies»  « have maximum microstructural in-

teraction. The procedure to a solution is entirely the
same as in the previous case, except that now 7 re-
places Ty in Eq. (12). Thus

a3 = YT/ e P)
This solution applies in region 11 in Fig. 3.

Itis for intermediate cracks, region [T in Fig. 3, that
analytical solutions are difficult to obtain. Here numen-
cal procedures will be required, but the route is never-
theless the same as before; determine o, (¢) from Eq.
(11) in conjuction with Eq. (6b) and apply the instabil-
ity condition, taking account of the increased stabiliza-
tion arising from the X, term. To proceed this way we
must first determine the values of the parameters in Eqs.
(6) and (11). We address this problem in the next sec-
ton.

(13

I1l, DERIVATION OF T CURVE FROM
INDENTATION STRENGTH DATA

A. Crack geometry and elastic/plastic contact
parameters

Our first step towards a complcte parametric eva-
luation of the 0., (P) data is 10 seck a priori specifica-
tions of the dimensionless quantities ¥ and y in Eq.
(11). The parameter ¥ is taken to be material indepen-
dent, since it is strictly a crack geometry term, The pa-
rameter y does depend on material properties, however,
relating as it does competing elastic and plastic pro-
cesses in the indentation contact.! We note that these
parameters do not appear in the microstructural term
K, in Eq. (6), so ideally we can “calibrate™ them from

STRENGTH, o,

WNOENTATION LOAD, P

F1G. 3. Schematic strength versus indentation load plot incorporaung
the influence of bndging ligaments wto the erack propagation re-
sponse (loganthmic coordinates). The solid line represents the gen.
eral solutton | Egs. (6) and (11) ). The dashed lines represent asymp-
totic solutions obtained analytically for small eracks {region I, Eq
(12} ] and large cracks [region 111, Eq. 113))
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tests on materials that do ot exhidit T-curve behavior.
The details of such calibrations are given in the Appen-
dix. The values we useare y = .24 and v = 0.0040 (£ /
H)' 3, where H is the hardness.

8. Bounding parameters for the regression
procedure

We haveindicated that solutions for region 1l of the
strength-load response of Fig. 3 must be obtained nu-
merically. Here we shall outline the regression proce-
dure used 10 deconvolute the T curve for a given set of
0. (P) data.

To establish reasonable first approximations for a
search/regression procedure, we note two experimental
observations. The Arst is from the indentation/strength
data of Cook et al.! In a number of materials the 0., (P)
data tended strongly to the asymptotic limit of region
111 at large indentation loads (Fig. 3), reflecting the
upper, steady-state toughness T, [see Eq. (13)]. No
analogous transition corresponding to 7, -controlled
strengths in region | was observed: at Jow indentation
Joads the strength data were¢ truncated by failures from
natural flaws. Notwithstanding this latter restriction,
we may use Eqs. (12) and (13) (with calibrated values
of ¥ and y from Sec. II1 A) to sct upper bounds to T,
and lower bounds to T, from strength data at the ex-
tremes of the indentation load range. We expect from
the observations of Cook ef al. that the lower bound
estimate of T, probably lies closer to the true value
than the upper bound estimate to 7.

The second experimental observation is from the

crack propagation work of Swanson et al.," who estimat-
ed the average distanci: between bridging sites at 2-5
grain diameters. We accordingly take the lower bound
estimate for the interligament spacing d at | grain diam-
cter. Similar bounding estimates for c® are more diffi-
cult, although the condition ¢® > d must be satisfied.

There is one further parameter we have to specify,
and that is the exponent of the ligament siress-extension
function m. We have alluded to the fact that the obser-
vations of Swanson ef al. indicate that a stabilizing, tail-
dominated stress-separation function should be appro-
priate, with m> 1 in Eq. (5).

C. Regression procedure

With the first approximations thus determined we
search for the set of parameters for each set of 7., (P)
data. The scheme adopted to do this is as follows.

(1) The T curve is set from Eqs. (1) and (6) and
the equilibriim g, (¢) response is calculated from Eq.
(11) at each indentation load for which there are meq-
sured strength data.

(2) The predicted strength at each indentation load
is determined numerically from the instability require-

ment do, /dc m O (with the provisa that if more than
one maximum in the @, (c) function exists, it is the
greater that determines the strength-—see Scc. IV),

(3) The predicted strengths are compared with the
corresponding measured strengths and the mean vari
ance theredy calculated for s given set of T-curve pa-
rameters. .

(4) The T-curve parameters are incremented and
the calculation of the variance repeated, using a matrix
search routine. The increments in the search varisbles
were 0.05 MPa m'*? for the toughness parameters 7,
and T, and 5 um for the dimension parameters
d and c*.

($) Thesetof T-curve parameters yielding the min-
imum residual variance is selected.

IV. RESULTS

The materials analyzed in this study are listed in
‘Table 1, along with théir Young's modulus, hardness,
grain size, and minor phase percentage. Previously pub-
Jished'?*"! indentation-strength data for these materi-
als was used for the T-curve deconvolutions. [Some
data were removed from the original 7, (P) data sets at
large indentation loads, where the influence of second-
ary lateral cracking was suspected 10 have significantly
decreased the magnitude of the residual stress intensity
factor.™®) The resultant parameter evaluations are given
in Table I1.

Our first exercise was 10 select a fixed value of the
exponent m for the T-curve evaluati ns. Accordingly a
preliminary analysis of the o,, (P) data for two materi-
als displaying particularly strong T-curve influences in
their strength responses, namely the Y11 and Y12 alumi-
nas, was carried out. Figure 4 shows the minimum resid-

10 T Y Y Y

4
2 e VI .
o VI2

N PR
o

RESIDUAL MEAN DEVIATION WPal
o
.
Il

0 1 2 3 4 5
BRIOGING FUNCTION EXPONENT, m
FIG. 4. The residual mean dewiation between fitted and measured

indentation-strength functions versus bridging funetion exponent i
for the VI aluminas. Note the relative insensitivity for m 0
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ual mean deviation as a function of m for these materi-
als, The deviation for both materials is greatestatm =0
but thereafter at mp | is insensitive to the choice of ex-
ponent. The value somewhat arbitrarily ehosen for this
study was e = 2 in aceord with that adopted in the con-
erete literature, ™

To illustrate the procedure and at the same time to
gain valuable insight into the erack evolution 10 failure
let us focus now on just two of the listed alumina materi-
als in Table I, VI2 and AD96. Figure 5 shows the
strength versus indentation load data for these materi-
als.! The data points in this figure represent means and
standard deviations of approximately ten strength tests
at cach indentation load. The solid lines are the best fits
(Eqs. (1), (6). and (11)) 10 the data. The dashed lines
represent Ty- and T -controlled limits [Eqs. (12) and
{13} ). As can be seen, the fitted curves smoGthly inter-
sect the T -controlled limit at large indentation loads,
this tendency being greater for the AD96 material, This
smooth conncction is a reflection of our choice of m
above; form < 2theo,, (P) curveintersectsthe T, lim-
it with adiscontinuity in slope. Atintermediate indenta-
tion loads the strengths tend O a plateau level, more
strongly for the VI2 material. In line with our conten-
tion that this plateau is associated with a strong micros-
tructural influence we might thus expect the Y12 mate-
rial to cxhibit a more pronounced T curve. The larger
scparation of the Ty and T, -controlled limits for the
V12 material in Fig. 6 supports this contention. Finally,
at small indentation loads the strengths cut off abruptly
at the Ty-contzolled limit, corresponding to the case

TABLE L. Matenals analyzed in this study.

STRENGTIL m NP3

100 |- DIALO, 1AD6I

3

~3

1wt 1 w0 10

WNOENTATION LOAD. P N

10

F1G. S, Indentation-strength data Ats for the V12 and ADP6 alumt.
nas. Note the relatvely pronounced plateau for the VI2 matenal, indie
catne of a strong T-curve influence. Oblique dashed lines are 7,0 and
T, -controlled limating solutions.

Young's modulus Hardness Gran size Minor phase
Martenal E/GPa 11/GPa nm s Ref.
Alumina vii 393 194 20 0.t }
vi2 39 19.0 41 0.1 1
ADI99 86 20.1 ) 0.t i
2D%% 303 14.4 1 4
LD 276 130 4 10 1
99 400 16.1 1 | 1
HW 206 1.7 23 0.3 1
Sapphire 425 218 nue 1
Glass~ SL) 879 14 1.2 3 13
veranmes S1.2 879 4.3 19 b L3
St 379 4.8 21 20 1.3
Macor 64.1 20 17 50
Pyroceram 108 84 1 e 4
Banum CH{cub.) 59 7 1 1
tianate CHuter) 123 59 7 1 n
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where the crack intersects no dridges prior to unlimited
instability.

Figures 6 and 7 show the corresponding equilibri-
um o, (¢) and T(c) functions that underlic the curve
fitsin Fig. 5. The @, (c) responses are platted for several
indentation loads, embracing the data range covered in
theindentation-strength experiments (e.g., Fig. 3). The
most distinctive feature of these curves is that at Jow
indentation loads, where the initial crack size is some-
what smaller than the first barrier distance d, there are
two maxima, most notably in the V12 material. The first
maximum, at ¢ <d, is a pure manifestation of the crack
stabilization due to the residual contact stress term { Eq.
(11))." The second maximum, at ¢ > d, results from
the additional, abrupt stabilization associated with the
microstructural closure forces. Of the two maxima, itis
the greater that determines the strength. Thus at very
low P (cotresponding to region 1 in Fig. J) the first
maximum wins, and the instability takes the crack sys-
tem to failure without limit (e.g., the P = 0.1 N curves
for both the VI2 material in Fig. 6 and the AD96 mateni
alin Fig. 7). Atintermediate P (region 11 in Fig. J) the
second maximum becomes dominant, in which case the

300 —; —
4 “ .“'
\ ,‘
400t Po.l N

APPLED STRESS, o, MPal
»
8

TOUGHNESS. T MPam' )

vk .
i 1 -1 )
1 10 10° 10’ 10"
CRACK LENGTH, ¢ uml

FI1G. 6. (&) Applied stress versus equilibrium crack length at different
indentation loads and (b) corresponding T curve, for VI2 slumina, as
denved from the indentation-strength data in Fig. 5.

APPLED STRESS, », MPal

TOUGHMESS, T MPam' ]

1 0 10° 10’ 10"

CRACK LENGTH, € il

FIG. 7. (a) Applied stress versus equilibrium crack length snd (b)
correspondiag T curve, for AD alumina,

crack arrests before failure can ensue (e.g., the P | N
curvesin Figs. 6and 7). Note that the second maximum
for the V12 alumina occurs at = 100 um, consistent with
abrupt initial jumps of 2-S grain diameters reported by
Swanson ¢f al. At large P (region IlI in Fig. 3) the
curves tend more and more to a single pronounced max-
imum, as we once more enter a region of invaniant
foughness. In all cases, however, we note that the stabi-
lizing influences of the residual and microstructural
stress intensity factors render the strength insensitive to
the intial crack length.

It is in the transition region, region 11, where the
form of the T curve most strongly influences the crack
stability and strength properties. The T curve for the
V12 alumina rises more steeply than that for the AD96
alumina. The difference in responses for the two materi-
als may be seen most clearly in the o, (¢) curves for
P =10 N, Figs. 6 and 7. In VI2 alumina the restraint
exerted on the crack by the interfacial bridges is appar-
ently much stronger than in AD96. We note that the
indentation-strength curves in Fig. 5 may be seen as “ro-
tated" versions of the T curves in Figs. 6 and 7.

A word isin order here concerning the “sensitivity"
of the parameter evaluation to the range of data. Figure
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8 shows the deconvoluted T curves for the VI2 material
with idividual data points at ¢ither end of the indenta-
tion load range deliberately omitted from the base data
in Fig. S(a). When data are "lost" from the large Pend,
the high T(c) partof the curve is most affected; simijar-
ly. for data omissions at the small P end, the low T(¢)
part of the curve is most affected. We may regard the
curve shifts in Fig. 8 as characterizing the systematic
unecrtainty in our parameter evajuations, just as the
mean residual deviation in the regression procedure
characterizes the random uncertainty. We note thatitis
those parameters that control the upper and lower
bounds of the T curve that are subject to the greatest
uncertainty, since it is in these extreme regions (espe-
cially in the T-controlled region) where indentation-
strength data are most lacking. The central portions of
the T curvesin Fig. § are not altered substantially by the
deletion of strength data.

Subject 10 the above considerations, we may now
usefully summarize the relative T-curve behavior for the
remainder of the materials listed in Table II. The T
curves are shown in Figs. 9-11 for each of the material
types, aluminas, glass-ceramics, and barium titanates.
Special attention may be drawn to the fact that the
curves for the microstructurally variant materials in
cach of these composite plots tend to cross each other.
Wenotein particular that the curves for the polycrystal-
line aluminas in Fig. 9 cross below that for sapphire at
small crack sizes, consistent with carlier conclusions
that the intrinsic polycrystal toughness (7,) is gov-
erned by grain boundary properties.!

6 1 1
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‘ »4
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1 10 10 10’ w0

CRACK LENGTH, ¢ Lum)

FIG. 8. Deconvoluted T-curve plots for the V12 alumina using (ull
indentation-strength data set from Fig. S(a) (sold line) and same
data truncated (dashed hinss} by removal of extreme data points at
(2) low Pand (b) lugh P,
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FIG. 9. Compasite plot of the deconvoluted T cuncs for the alumina
materials,

V. DISCUSSION

We have considered a fracture toughness model
based on an independently verified interface restraint
mechanism*? for explaining the microstructural effects
previously reported in indentation/strength data.!™ A
key feature of our modeling is the strong stabilizing <f-
fect of grain-scale ligamentary bridges on the stability
conditions for failure. (In this sense our explanation
differs somewhat from that originally offered by us in

4 1 v 11 H 1
Glass Cerarcs
3}
I
Priocecsm
avemawetnt sl OF
= 2
‘e 2 Pytoceram O
¢
[
4
W S
-
3 sz
- S
1= Mxo -
0.9}
[+3 ]
0.7
1 " 1 1 .
06
10’ 1 10 10 10’ 10° 10

CRACK LENGTH, ¢ (em)

FIG. 10. Composite plot of the deconvoluted T curves for the glass-
ceramic matenals,
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Ref. 1, where it was tacitly suggested that the micro-
structural influence might be represented as a posirive
decreasing function of crack size. The distinction
between negative increasing and positive decreasing X,
functions is not easily made from strength data alone.)
Although the earlier experimental observations used to
establish the model'™ were based almost exclusively on
one particularalumina ceramic,' our own detailed crack
observations, and those of others, strongly suggest that
the modelis generally applicable to other nontransform-
ing ceramics; the discontinuous primary crack traces

characteristie of the bridging process have sinee been
obscrved in other aluminas,'*' glags~ceramies,' ™%
SiC ceramics,® and polymer eements.’ The fact that
the resultant strength equations from the model can be
fitted equally well to all the materials examined in the
present study serves to enhance this eonviction.

A characteristic {eature of the failure propertics of
the materials with pronounced T curves (e.g.. V12 alu-
mina) is the relative insensitivity of the strength to ini-
tial Naw size, Thisis a vatal pointin relation to structural
design. Materials with strong T-curve responscs have
the quality of flaw tolerance. [deally, it would scem that
one should seck to optimize this quality. Associated
with this tolerance is an enhanced crack stability, This
offers the potential detection of failures. On the other
hand, there is the indication that such benefits may only
be wrought by sacrificing high strengths at small flaw
sizes. This tendency is clearly observed in the way the
strength curves cross each other in Figs, 7-9 in Ref. |
(corresponding 1o crossovers seen here in the T curves,
Figs. 9-11). In other words, the designer may have to
practice the gentle art of compromise.

We reemphasize that the T-curve parameters de-
rived from the strength data (Table 1) are elements of
curve fitting and are subject 10 systematic as well as to
the ususl random urcertainties. Since any four of these
parameters are independent, our numerical procedure,
regardless of “‘goodness of fit," cannot be construed as
“proof” of our model. Nevertheless, we may attach
strong physical significance 10 these parameters. For ex-
ample, the relatively large values of ', and ¢® for the VI
materials relative to the corresponding parameters for
the F99 alumina is a clear measure of a greater T-curve
cffect in the former. More generally, the aluminas with

TABLE 11, T-curve parameters derived from strength data for m m 2 (from Refs. 1, 3,4, 11).

Ty T, T T, d ¢ o* u*
Material {MPam"?) (MPam'?) Um*) Um™%)  (um) (um)  (MPa)  (um)
v 173 4,08 38 104 40 420 280 el
vi2 1.49 4.6) 28 113 & 540 s 0.11
AD9%9 222 4.30 6.4 120 15 ns 188 0.19
AD9% 2.16 2.87 8.8 56 15 460 80 0.19
ADY 276 AR 1] 138 4.6 15 210 15 0.18
F99 2.70 3.50 9.1 54 15 30 408 0.04
HW 2.64 431 169 204 95 no 183 042
Sapphire .10 310 113 0 s
SL1 1.06 1.98 6.4 11.2 10 338 122 027
SL2 L2 2.29 7.1 15.0 10 485 129 015
SL3 135 2,58 10.4 19.0 2% 508 133 043
Macor 1.04 2.30 84 204 40 538 132 046
Pyroceram 2,04 2.33 193 54 20 415 R} 0.48
CH(cub.) 0.95 0.95 33 0 e
CHtet.) 0.79 138 2.5 36 40 130 170 0.14
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glassy phases at thelr grain bourdaries,™ or with
smaller grain size (Tables { and 11) have relatively low
toughness indices, T/T, indicating that there is some
Kind of trade-oif between macroscopic and microseopice
toughness levels, and that this trade-off is controlled by
the microstructure. We riote also that the maximum
stress-separation range parameters u* for the materials
arc in the range 0.1-0.4 ztm, consistent with crack open-
ing displacement observations at the bridging
sites. M3 We (hus suggest that such parameters
could serve as useful guides to materials processors, for
tailoring materials with desirable, predetermined prop-
erties, especially with regard to grain boundary struc-
ture,

Mention was made in Sec. IV of the sensitivity of
the parameter evaluations (o th2 available data range.
This has implications concerning conventional, large-
crack toughness measurements. To investigate this
point further we plot in Fig. 12 the T, values deter-
mined here against those measured independently by
macroscopic techniques. The degree of correlation in
this plot would appear to lend some confidence to our
fitting procedure (and to our a priori choices for the
paramieters ¥ and y). Since most of our strength data
tend to come from regions toward the top of the T curve
we should perhaps not be too surprised at this correla-
tion.

Finally, we may briefly address the issue of test
specimen geometry in connection with the accuracy of
the parameter evaluations. It has been argued else-
where” that test specimen geometry can be a crucial fac-
torin the T-curve determination. It might be argued, for

1),
H
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* u Pyrocersm -
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STEADY-STATE NOINTATION TOUG#ESS T MPam

0 ! 1 ! 1
0 2 4 6 8 10

CONVENTIONAL TOUGHNESS MPa m' )

FIG. 12. Plot of T, (Table 1) as a funcuion of sndependently mea-
sured toughness using conventional macroscopic spectmens.

instance, that “superior™ parameter evaluations could
be obtained from larger crack geometries, particularly
thec®, T, parameters. However, the indentation meth-
odology takes us closer 1o the strengths of specimens
with natural flaws, in particalar to the Ty-controlled re-
gions (notwithstanding our qualifying statements car-
licrconcerning this parameter), so that the present eval-
uations may be more appropriate for designers.

VI. CONCLUSIONS

(1) Anindependently confirmed ligament bridging
model is used as the basis for analyzing observed inden-
tation-strength data for a wide range of pe: ~veya.alline
ceramic materials.

(2) Those materials with pronounced T curves
show the qualities of “flaw tolerance™ and enhanced
crack stability.

(3) A fracture mechanics treatment of the indenta-
tion fracture system with microstructure-associated fae-
tors incorporated allows for the (numerical) dsconvo-
lution of toughness/crack-length (T-curve) functions
from these data.

(4) Comparisons within a range of aluminas sug-
gest that those materials with “glassy” grain boundaries
and smaller grain size have less pronounced T curves
than those with “clean" boundaries.

(5) The indentation-strength technique and the
toughness parameters deriving from it should serve as
useful tools for the development of ceramic materials
with predetermined properties, especially with respect
10 grain boundary structure and chemistry.
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APPENDIX: EVALUATION OF ¥ AND y

Here we derive numerical values for the dimension-
less parameters Y and y characterizing the crack geome-
try and the intensity of the residual contact stress, re-
spectively. The choices for these should yield agreement
between measured strength and toughness properties of
homogeneous materials with no measurable T-curve be-
havior (i, K, =0, T=T,=T,).

We begin with the geometrical ¢ term, which is as-
sumed to be material independent. From the applied
stress (strength) o, and crack length¢,,, at the instabil-
ity point of an indentation, we can show that**

U= 3T/4(0,,c7). (AD)

Measurements of o,, ¢!, * for several homogencous mate-
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rials confirm that Eq. (A1) deseribes the toughness/
instability properties®** for ¥y = 1.24, Wenote that this
is very cloge ta the value of 1,27 calculated by finite
clement analyses of semicircular cracks in surfaces of
bend specimens.’’

For the y term we turn to Ref, 13, whereitis shown
tiat

v=EEZH) G, (A2)

where £ is a material-independent constant. With this
result Eq. (12) majt be rewritten as™

Ty= y(E/H)Y 2 (R P, A3
where
e (256011 27 (ad)

is another material-independent constant. From mea-
surements of o2, 2'? for a similar range of homogen-
cous material we obtain 3 = 0.52.3* Hence eliminating £
from Egs. (A2) and (A4) yiclds
¥ = 2T (EZH) V312568,
which gives y = 0.0040(E 7H) "2,

(A3)
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Grinding forces were megasured in aluminas and glass-ceramics with various
microstructures. The microstructures were found 1o exert a profound influence on
the machinability. In particular, the controlling toughness variable is that which
pertains to small cracks, not that conventionally measured in a large-scale fracture

specimen,

T 15 well documenizd that the pasmci-
pal material variable in microfracture-
controlled propertics of brittle ceramics,
such as erosion, wear, and machining. is
the “ioughness."' This is in accord with
intuition; the greater the resistance to frac-
ture, the harder it should be to remove
material in localized, cumulstive, surface
contact processes. Implicit in existing ma-
terial removal theories is the
that toughness is a single-valued quantity
for a given material. Recent studies of the
fracture properties of a wide rsnge of ce-
ramis call this presumption into serious
‘question: toughness is generally nof a ma-
terial constant, but rather some increasing
function of crack size (R curve, or T
curve).? In certain aluminas, for example,
the toughness can increase by a factor of 3
or so, depending on the microstructure.’*
The T-curve effect is seen most strongly in
aluminas with larger grain sizes and lower
contents of grain-boundary glassy phase.
Most notably, the T curves for diffcrent
aluminas tend (o cross esch other.' 3o that
the toughness rankings st large and small
crack sizes appear 10 be reversed, Clearly,
il we wish to retain toughness as an indi-
cator of wear resistance, we need to qualify
the scale on which this parameter is deter-
mined. Indeed. such a need was fore-
shadowed in an earlier experimental study
on the erosion resistance of ceramic mate-
rials by Wiederhom and Hockey.?
Accordingly, surface grinding tests
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were made on selecied ceramic materials
for which well-characterized T-curve data
are availsble. The primary malerials were
aluminas from a previous study,* where the
resistance charackristics were determined
from the strengths of specimens comtain-
ing indemtation flawy.® In addition, (wo
commercial glass ceramics were tested. A
subsequent quantitative analysis of the
indentation-streagi data bas provided
upper (large crack size) and lower (small
crack size) bounds, Tu and To, to the T
curves for these materials.® Table | lists
these parameters for comparison with the
grinding results.

The grinding forces were measured
using a dynamometer on the table of a sur-
face grinding machine. Runs were made o
fixed depths of cut, S, 10, 15, and 20 um,
using a 240-grit diamond wheel (width
10 mm), rotating at 3300 rpm with a hoci-
zontal feed rate of 16 mms™' and with
water-soluble oil lubrication. The condi-
tions of our experiments were such that the
scale of individual damage events was al-

" ways much smalles than the depths of cut,

The specimens were first cut into bars
5 mm wide and then mounted in a row on
the dynamometer so that force mea-
surements could be made on all materials in
a single pass, The results are plotted in

.19

Fig. 1. Note from the relative posittons of
the curves that the aiuminac and glass.
ceramics have been ranked in oeder of di-
mimshing grinding resistance in Table 1.

ICis immediately apparent from Fig, |
that different aluminas and different glass.
ceramics can vary widely in their grinding
resistance. Thus the slumina with the high-
es{ resistance in Table | (i.c.. AD90) 15 that
with the greatest glass content. This result
may come as no Surprise 10 thoie who pre.
pare ceramic powders by ball mulhng: aly.
mina spheres with high plass content are
found to be far more durable than sinular
high-purity spheres.” Note also from
Table | that for aluminas of comparable
purity those with higher grinding resis.
tance have finer graia sizes (f, A999 and
Vistal), Moit interesting, however, is
the quantitative cormelation between grind.
ing resistance and toughness parameters.
The macroscopic toughness T (i.e.. the
toughness Ky we measure in conventionsl
large-scale fracture tests) actually shows an
inverse correlation with the grinding re-
sistance. On the other hand, the micro-
stopic toughness Ta does appear to scale in
the right direction. The implication here, of
course, is that the grinding damage process
is determined ot the scale of the micro-
structure, The data for the two glass-
ceramics in Table | serve 1o reinforce the
point; on the basis of the 7. values we
would be unable (0 choose between the two
materials, whereas the relative values of 7,
confirm Macoc (specified as a machinable
glass-ceramic by its manufacturer) as the
material of lower grinding resistance,

We conclude, therefore, that the time-
honored conception of “toughness™ as a
universal indicator of superior mechanical
properties, at least on the microscale. needs
to be carefully qualified. The use of con-
ventional fracture toughness evaluations to
predict resistance to wear, erosion. and ma-
chining may lead 1o impeudent choices of
materials for structural applications. On the
positive side. a more complete under-
standing of the micromechanics that
determine the complete crack resistance
curve may ultimately help us optimize
microstructural elements (glass content,
grain size, etc.) for minimum surface
degradation,

Table 1. Comparison of Toughness and Grinding Resistance Parameters®

Additive Grain size T. Ta |

Maserial %) {um) MPam'®) IMPam' 5»
Alumina ADY0' 10 4 32 2.8
Sapphire’ RN | 3.1
ADY6' 4 11 29 22
AD999' 0.1 k} 4.3 2.2
Vistal I' 0.1 20 4.1 1.7
Vistal II' 0.1 40 4.6 1.5
Glass-ceramic  Pyroceram® 1§ 23 2.0
Macor* 13 2] 10

*T. and T, ¢valuated from indentanon-steength Jata tRer §1 Matenal rankangs 10 vrder ol deteaning
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INTRODUCTION

Recent developments in the characterization of the strength of
ceramics have made it necessary to re-examine several "tradition", long-
standing definitions and assumptions that form the modern-day fracture
rechanics basis of NDE. Ceramics are very brittle materials. They are
highly susceptible to failure from small scale (1-100 um) "flavs". These
flavs may be {n the form of machining damage, grain boundary fissures,
processing defects (pores or inclusions), etc. Theoretically, flaws
have been represunted as scaled-down versions of large cracks, so that
the macroscopic "laws" of fracture might be assumed to apply at the micro-
sale. This philosophy is embodied in the Griffith strength formalism,

Op = To/¥ell2 (1)

where c is the flaw size, T, is the toughness (K._. in metallurgical
terminology) and Y i{s a geometrical constant. Implicit i{n Eq. 1 are
two major conclusfons which dictate the encire approach to NDE {n
ceramics:

(1) Failure occurs spontaneously at the critical stress ( op);
(i1) Toughness (T,) is single-valued.

It i{s from these two conclusions that the concept of a critical flaw
size for failure derives.

In the ceramics literature, the validity of these conclusions
and of the extrapolation uf large-crack data to the region of
microstructure-scale flaws has been questioned by many, but few
experimental attempts have been made to answer these questions. Here
we shall present some recent data obtained at NBS that seriously
questions the entire basis of present-day NDE philosophies for britcle
materials. In particular, we shall point out shortcomings in the
critical flaw concept due to so-called "crack resistance* (R-curve or
T-curve) behavior where toughness becomes a function of crack size [1].

Some potentially beneficial aspects of this behavior will be
emphasized.
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STRENGTH CHARACTERISTICS OF SPECIMENS WITH CONTROLLED FLAWS

In seccting out to test the validity of Eq. 1 ve sought an experimental
nethod which could be used to atudy systematically a vide range of flaw
sizes, {rom macroscopic crack dimensions down to the scale of the micro-
structure. The indentation technique [2) vas chosen because of {ts well
documented capacity for controlling the scale of the starting flaw,
Further, the crack evolution could be directly observed during strength
testing In subzequent four-puint bend or blaxial flexure (Fig. 1). A
detaf{led fracture mechanics analysis of this test configuration (2,3}
allovs for the elimination of crack si{ze in favor of indentation load,
?, from Eq. 1, retaining the assumption of a single-valued toughness,
Tot

Hence by observing the o,(r) response, we can test the basis for macro-
scoplc to mlcroscopic extrapolations; {f T, is {ndeed a single-valued
constant, Oy should plet as a straight line wicth slope -1/3 in logarithmic
coordinates.

Alumins vas chosen as the "model" ceramic for the experimental study
because of {ts avallability {n a wide range of microstructures. We show
results here for single crystal sapphire and twvo polverystalline materials,
ons neminally pure and the other containing a glassy grain boundary phase.

The results qre shown {n Fig. 2. Each data point represents the mean
of about 10 specimens at a given load; error bars are omitted, but standard
deviations are typically 10%. The curves through the data are best fi:s
{4,5]. The linear fits for sapphire and the glassy polycrystalline
mater{ial are in accord with Eq. 2, suggesting that the macroscopic tough-
ness can indesd be extrapolated back to the flav scale. However, the fit
for "pure" alumina deviates dramatically from the i{deal linear behavior at
smaller flaw s{zes. Thus, for this, third material predictions based on
extrapolations from the macroscale greatly overestimate the actual
strengths. It {s as though the toughness, T, {s systematically diminished
as the flav size gets smaller, {.e., consistent vith R-curve (T-curve)
behavior. On the other hand, we have the desirable featur« of a region
of "flaw tolerance" where the strength is constant over a range of flaw
sizes.

¢ = ¢(T,,P) 0= O (T P)

Figure 1. Schematic of indentation flaw test used to observe crack
evoluti{on to fallure: (a) indentation, to {ntroduce con-
trolled flaw; (b) bend test, to measure strength of specimen
with {law.
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Flgure 2. Inert strenxth vs indcntation load of three aluminas,
single crystal (sapphire) and polycrystalline with snd
vithout glassy grain boundary phase (PC-glassy and PC-
pure, respectively).

From these results, we concludes

(1) Extrapolation of macroscopic fracture data unconditionally into
small-flaw regions can be Jangerous;

(1)) Toughness {s not generally single valued, but can be a function
of crack size, T{c) ’

(1+1) The toughness function (T-curve) is microstructure sensitive, and
the grain boundary structure appears to hold the key to this sensitivicy.

MEGHANISMS OF T-CURVE BEHAVIOR

Ttere are several possible mechanisms which have been put forward
to explain T-curve behavior. The most popular of rhese are the "froncal
zone" mechanisms. Martens{tic phase transformation is probably the most
poverful of all the toughening mechanisms but, to date, has been observed
exclusively {n zirconias {6). The concept of microcracking has also
received much attention {7] in nontransforming ceramics. In both these
mechanisms, there {s a frontsl zone which travels with the extending
crack tip and therehy dissipates energy from the loading system. Some-
vhat remarkably, very little attempt has been made to verify these (or
{ndeed any other) mechanisms by direct observation (except in the
transforming zirconias).
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Figure 3, Vickers indentation (P = 5N) site of “fractured” aluamina disc.
Specimen thermally etched to reveal grain structure.

IR SITU OBSERVATIONS OF CRACK EVOLUTION IN ALUMINA

By using the arrangement in Fig. 1 and focussing a microscope onto the
{ndencation site during sctressing, the crack evolucion to fallure could ba
observed diructly {8). These observations led to some surprises. Whareas in
sapphire failure was spontaneous, in the "pure” polycrystalline alumina {c
certainly was not. The cracks {n the latter material were stabilized. At
"failure” these specimens seemed to be fully fracturad (cthe crack ran from
edge to edge and through the thickness of the sample) yat remained intacc.

The canter region of a broken specimen of the latter material {s shown
in Fig. 3. At initial loading the indentation remained stationary, con-
fined at surrounding grain boundaries until at a critical point the cracks
suddenly "popped in'". With subsequent load increments, grain-dimension
"Jumps" occurred in a stable but erratic manner for several millimeters
before failure. Despite intensive searching, no evidence could be found
for any frontal zone mechanism, microcricking or othervise. On the other
hand, {nspection of the crack interface behind the tip revealed a high
density of "active" regions where grains remained attached to both walls.
The crack tip vas clearly held up by these partially attached grains. Two
specific examples of active grain sites are shown in Fig. 4. In both
cases {n 'Fig. &4, secondary grain fracture {s evident, suggesting that the
interfacial restraining forces must be high.

To summarize the experimental observations:
(1) Crack growth in the "pure" alumina vas discontinuous over small
groups of grains, yet stable over 10-100 grains (cf. relatively

spontaneous fracture in the other aluminas in Fig. 2);

(i1) Grain attachment sites were active behind the crack tip, over many
millimeters in the "pure* alumina;

(111) No evidence was found for a frontal microcrack zone.
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Figure &. Scanning electron micrographs showing two examples of secondary
snicrofracture about bridging grains,

Thus the macroscopic evidence implies rhat the T-curve behaviar in our
“pure” alumina 1x due primarily te hridpine forces at the cract interface.
More recent work W Swanson on other materials 19) suppeses that this
obgervation mav wenerally be true of other cergmic tvpes as well.
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Figure 5. Schematic of bridging model (shown here for crack grovth from
notch).

MODEL

A fracture mechanics model of rhe bridging mechanism has been de-
veloped {10] (see Fig. 5). Circles denote bridging sites; open and
closed circles distinguish active sites behind the tip and future sites
ahead of the tip. The sequence of calculations involved is as follows:

(L) The T-curve i{s taken to bs expressible as the sum of the incrinsic (grain
boundary) toughness, T,, and an "inzernal® restraining tera, KL‘ {.e.

T(c) = T, - ¥ (c) (3)
For rastraining forces, K; is negative;

(1) The internal closure force, X, (c), {s deterained by integrating the
closure forces over the bridging zone, assuaing a specific force-separation
law, Since more bridges are intersectad as the crack grovws, K, i{s an
arichmecically increasing function of c;

(341) The critical condition for crack fmstabilicy, X,(c) = Y o,c/? = T(c),
dK,/dc = dT/dc, (11] is computed to datermins the strength vs load funccion,
o.(P);

{iv) From the o,(P) data in Fig. 2, the T(c) function i{s (nuzerically)
deconvoluted,

Figure 6 {s a composite plot of the results for those aluminas in
Fig. 2 using this approach (with several approximacions in the analysis).
Some of the rmore {mportant features to note are:

(1) The crack size scale of the T-curve can be large, of order millimeters,
consiscent with the scale of the observed bridging zones;

(ii{) The T-curves are microstructure sensitive: cthe only difference between
the aluminas represented in Fig. 6 are the grain sizes and grain boundary
phases;
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({{{) There appesrs to be an {nverse relatiaonship hetveen T, and T,
(lower and upper plateau levels): thus large-scale toughness can be a
poor {ndicator of small-scale toughness.

Cons{der nov hov the results {n Fig. 6 explain zhe observed crack
evolution for materials wi{th strong T-curve behavior (e.g., the poly-
crystalline "pure" materfal {n Fig. 6). A construction for such a material
{s reproduced {n schematic form {n Fig. 7. The solild curve representc
the T(c) function and lines 1 chrough & represent X, - Y o,cl/2 "loading
lines" for successively increasing values of applied stress, o, Suppose
our flaw has initial s{ze corresponding to pofnt I. Then the crack re-
mains stationary until stage 2 is reached in loading, at which point
abrupt pop-in occurs, along IJ. With further loading the crack subse-
quently progresses stably through JLM along the curve, until at sctage &,
failure ensues. Actually, a more exact numerical deconvolution than ve
have attempted i{n our data analysis would yleld several secondary plateaus
along the rising T-curves in Fig. 6, consistent with the observation that
crack grovth occurs {n discrete jumps throughout its evolution. Thus the
failure stress {s determined uniquely by the tangency condit{on at X,
independent of the initial crack size.

IMPLICATIONS

What are the implications of our results concerning NDE in ceramics?
Fi{rst, we have shown that materials which exhibit strong T-curve behavior
can be extremely "flav tolerant'. The failure stress for these materials
{s {ndependent of the ini{cial flaw size. For the enginedr, this {s an
extremely attractive prospect, for not only is the concept of a well-
defined design stress feas{ble, but the matarial i{s novw much less
susceptible to strength degradation in service. However, at the same
time this raises the question as to vhether we can rectain the notion of
cricical flav 3{ze as a basis for screening. Secondly, there can be
strongly enhanced crack stabilicy in chese materials; the cracks can grow
large distances (tens or hundreds of grains) over the rising portion of
the T-curve, prior to failure. Importantly, this growth can occur dis-
continuously. Thus, the precursor growth stage may be usefully employed
as an "early varning" of impending failure. The possibilities of turning
this to advantage are clear.
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DISCUSSTON

Ron Serelt, laurence Livermorer The concern [ had with some of the things
you vere presenting {3 {racture mechanies and the KIC concept of
continuum mechan{c’s principles. You a2re applylng {t to stuff the
sire of 1 grain, 2 grains, J grains. And when you present your
indentation datas, the strength {allo{f point on your curve vas suspiciously
simflar {n size to 1 grain size. Are we not pushing fracture mechanics
heyond where {t should he?

Mr. Lavnt I don't believe we are. In most of the cases that I'm dealing
with here, the cracks do tend to be intergranular. So, provided
that ve can regard the crack grovth {n the {ntergranular phase to
be characterized by an intergranular toughness--that's the T tera--
1 beli{eve the fracture mechanics applies in principle, although
one must ask exactly vhact the stress intensi{ty factor means vhen
you are golng through a very narrov {nterphase.

Again, {t ralses some very subtle quescions, but I believe that
the dasic principles remain valld. But {t's a point wvell-raised,
and I think vou havs to be very cautfous.

Mr. John Ross (General Electric)i I'm not sure I understand.. Are you
saying that the crack progresses and meets a grain, loses part of
{ts energy: the rad{us of the crack tip {ncreases until other grains
or other cracks decli{ne around the grain?

Nr. Lavn: What I'm saying {s chis: our model shovs a crack growing
from a notch, but {t might be a crack that's growing right from
scratch.

So, the {nit{al {ndentation crack goes along the veak grain boundary
and meets virtually no resistance, and {f that was the vhole story,
this vhole material would have no toughness at all. But then {t
comes across an obstacle and it has to run around that grain, we
believe, leaving the grain attached to both walls. So as the crack
grovs, it's mecting some strength behind the crack tip. Then as
it goes on further and further and encompasses more of these grains
and they still remain active behind the graln, it's building up
more and more vestraint behind the crack. Hence, the toughness
seems to be going up.

Mr. Ross: So the closing portions that are the restraining forces con-
trol the toughness.

Mr. Lawvnt Exactly how these grains impose those f{orces {s still a little
bic obscure. When you do the fracture mechanics, you have to bring
that in an empiricsl way. The actual physics of it {s still a licele
bit obscure, but the observation of it is very definite. You can
see the crack going around the grain and have the microscopa trained
on that grain. You can see the thing developing and the retiected
1ight flashing subsurface even though the main crack is miles avay.

Mr. Ross: Like lateral stabilicy.

Mr. Lawn: I guess there's an analogy there.

Mr. Gordon Kino, Stanford: 1s there something we can do, as NDE people,
to measure for what's going on? For instance, vhen you are doing
these measurements which you do along the surface, you don't

really look at the depth of the crack. WHlien you have taken the
vhole thing apart, is the crack growing in a similar way?
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And secondly, {s the system uniform? In other words, {f you
do the sam¢ txperiment on the same ceramic on another part of (¢,
would everjthing be about the same? In other vords, vould you
neasure, say, the elastic properties of the grains? Would that
provide som¢ information that you need?

Mr. Lavn: Well, the second questfon {s-~again, you are getting into
the actual details of the mechanism, and that {s something ve are
still vorking on. But maybe NDE can help out there, too, to
understand a little bit as to howv these grains actually pull
apart.

Optical microscopy will tell you something, dut i{n most of these
materials that ve lonked at, they are, at best, translucent, and
s0 there's a lot of questions as to vhat goes on underneath the
surface of these materfals, and that's vhere I think things like
ascoustic emissfon could be extremely useful.

One of my co-authors vas Peter Swanson, who came from the rock
mechanics area. He has done similar experiments vhere he runs huge
cracks through big rocks, and he used acoustic triangulation
techniques to locate the sources of these active sites behind the
crack tip. Maybe that's something we can also do with NDE, hecause
in many of these materials, ve are talking about the zone lengths
at the fracture interface of several millimeters, up to 10 milli-
meters, in some cases. So it's not beyond the realms of possidbilicy.
We can do that.

John McClelland (Center for NDE): I wvas vondering, from what you are
saying, {s there any resson to guess that most of the failures are
due to the flavs that are connected to the surface rather than {mbedded
in the material?

Some NDE nethods are better at looking at surface-related flavs

than deep flavs, and {f you have this hridging mechanisn working,
does that work more effectively on internal flaws and therefore
minimize thel{r role in causing faflure, or {s there no reason to
speculate that wvay?

Mr. Lawn: Well, it depends on the mater{al. When we started doing our
first experinments, ve polished down our surfaces and ve polished
them very badly. This led to some grain pull-outs on the surface,
and vhen ve di{d our test, ve observed the cracks starting from the
indentations. Also, they started from some of these other puil-
outs on the surface, and sfter a while, some of them ran {nto each
other. Then ve started to polish much better, but wve still got
breaks from {ncernal flavs in some cases, particularly with smsll
{ndentations.

So, I think it depends very much on the actual material, although
{n most of the cases we have looked at, it seems that we are nol
looking at just the surface effect, but this is something charac-
teristic of the microstructure itself, something intrinsic to {t,
and {t occurs under the surface. So I have a suspicion that you
are not going to get avay with just looking at surfaces. It has
to be in the interior as well.
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Relatively little is known abott the fundamental deformation
processes in intrinsically hard, brittle materials, and even less
aboul how (hese processes lead (o the initiation of cracks. In
this paper, transmission clectron m y Is used to study
the deformation structure within Vickers indentation zones of
single-crystal sapphire with {1130} surface orientation. The
relative misorientation of reglons within these zones, as
mapped by convergent-beam kikuchi patierns, is found to be
severe, indicative of shear processes operating close to the
cohesive limit. Two principal types of deformatioa are identi-
fied, basal twinning and pyramidal slip. Incipient microcracks
are observed at both the twin interfaces and the slip plsnes.
These inciplent “flaws” act as nucleation sites for the ensuing
radial and lateral cracks.

I. Introduction

N RECENT years, indentation analysis'~? has emerged as a power-

ful 100l for evaluating and charscterizing the deformation and
fracture properties of ceramic materials, particulacly as quantified
by hardness and toughness,*™* The basic concept behind inden-
tation testing is attractive In its simplicity. A standard “sharp™
indenter (e.g.. Vickers) is loaded onto the surface of the test
material, The intense stress concentration bencath the indenter
contact causes the material to undergo both reversible and irre-
versible deformation. The most obvious manifestation of the latter
component is, of ccurse, the residual hardness impression. The
irreversible component is also responsible for any attendant crack
initiation.™"® Furthermore, residual stresses can continue to exert
a strong influence on crack propagation well beyond the near-
contact zone.* ™% A fundamental understanding of contact-
induced deformation processes would therefore appear to be an
essential prerequisite to any complete description of flaw micro-
mechanics in highly brittle ceramics.

A notable restriction implicit in present-day indentation fracture

mechanics is the assumption of homogencity and isotropy of mate-

rial structure. This restriction is apparent in experimentat as well
as theoretical werk, particularly in the strong tendency to adopt
silicate glasses as model test materials. Studies into the mech-
anisms of indentation-induced crack initiation have been carried
out almost exclusively on glasses.™" Such studies reveal the
sources of initiation in the amorphous structures as “shear faults™
punched in irreversibly by the penetrating indenter. Characteristic
of these faults is that they form on curved surfaces, govemed by
trajectories of maximum shear, at stress levels close to the theo-
retical cohesive limit, Such characteristics would appear to repre-
sent a substantial departure from our traditional notions of slip
deformation in crystalline materials by low-stress dislocation pro-
cesses. Yet there are general features of the indentation
deformation/fracture pattem in brittle materials, not least the clear
tendency for the radial cracks to initiate near the impression cor-
ners, that suggest some commonality in underlying mechanisms.
The implication here is that the classical picture of crystal plasticits
by dislocation glide may require some qualification when applicd
1o ceramics, especially to the tougher, harder ceramics with intrin-
sically strong covalent-ionic bonding.
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Accordingly, the purpose of this study was to charactense the
mdentation deformation-fracture pattem in a selected singlescrastal
system, namely sapphire, using a transandsion electron M.
copy (TEM) procedure developed by Hockey.” The chowe of
sapphire was based principally vn the requirement that the
structure™*? and mechanical properies™ should be reasomatly
well documented. (Another, longer-term mative wag that the sty
should ultimately be extendable to practical ceramics, i this wase
to polycrystalline alumina, so that the influence of such micro-
structural vanables as grain-boundary structure might be syateme
atically evaluated.) Our principal goal was 10 idenufy the base
deformation clements associated with crack nucleation in sapphase.
with the hope that this might allow us to make some staicments
about crystalline solids in general, Because crack nucleatton s a
critical first step in Naw development, we may snticipate wue
findings to be of relevance to important practical issues concerning
the degradation. of mechanical strength® (¢.g., in small parle
impact), wear and crosion, ctc.

Il. Experimental Procedure

The method of specimen preparation for TEM examination wis
similar to that previously described hy Hockey." Disks (3-mm
diameter) were cut using an ultrasonic drill from a thin shee of
sapphire of (1130) orientation.® This particular orientation was
chosen because {1120) is the zone axis for a large number of planes
that are susceptible to sheas deformation (Section 1), The disks
were ground and polished 1o a thickness of 100 10 150 um. The
final polishing step was carried out using 0.3-um Al:Q, powder to
femove any remnant grinding damage which might be confused
with the indentation structure, The samples were indented with a
Vickers indenter at loads from 0.1 to0 2.0 N, although for the
majority of indentations a load of 0.25 N was used. The disks were
then thinned by ion-beam milling from the back only, i.c. the side
away from the indentation surface. Following carbon coating, the
samples were examined in the TEM' at 150 keV. Some of the
indented specimens were also examined by scanning electron mi-
croscopy (SEM) to reveal surface topographical features.

III. Results

(1) General Features

The ind:atation sites were readily identified in the TEM as
localized regions of intense diffzaction contrast, Figure 1, which
shows sites for two different Vickers orientations relative to the
specimen surface, is a typical example. The characteristic spread-
ing of radial crack arms outward from the impression corers 1s
clearly evident in these micrographs. The intense contrast within
the indentation zone, together with the ubiquitous appearance of
bend contours about the peripheries, is strongly indicative of a
high-strain deformation process, Closer inspection of the inden.
tation zones reveals crystalline shear clements which we identify as
mechanical wins and slip faults. Microcracking associated with
these shear clements is also identified. Details of such idenu-
fications are given in the following subsections.,

(2) Shear Deformation Elements

{A) Twins—Morphology: Selected-arca-diffraction TEM
was used to identify some of the shear elements as basal twins
Exumples are indicated in Figs. 1 to 4. For the (1120) foil orien.
tation, the twin planes are perpendicular to the plane of the forl and
have surface traces perpendicular to the [0001]. No thombohedral
twins were detected. The same surface traces were vistble in the
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Flg. L TEM muctographs o7 1t 28 NV dhetvandentations o Mri‘h'“ A Orcentanon A vndent diagonaly 3L 487 w0 (00T} Basal taan o J - denty bwer
for the twa quadrants where the ampressnn edga o patallel e ouxil B Onentation B andent dragonai patailel and perpendieutis o roxedye Basa owin
density uniform i all tous uadeants

SEM by topographical contrast (Fig 21, indicaung that the shear
direcuon has @ compongnt normal to the foil te.g.. HO10} or (O110)
telative 10 the t11301 surface onentation) The n:orphologieal evi
dence 1s therefore consistent with a twinning plane (X1 = w01
and taipming direction (o3 = (1010 By viewing the shear planes
edge-on. ¢.g.. 35 10 Fig. 3AL the width of the twins was Jeter
mined to be 10 to 50 nm.

The density of iwang within the four quadrants of the indentation
zone was found to depend on the orientation of the indenter. ftcan
be seen that for onentanon A 10 Fig. 1(A) the twins are located
almost exclusively in the two quadrants whose impression edges he
perpendicular o (00011 For vrtentaton 8 in Fig 1uh, on the
other hand, the twin densuy 18 more or less equal i sl four
quadrants  This absence of twins in the left and nght quadrants for
onentation A may be ranonalized in 1erms of the stress trmectery
field beneath the indenter; ™ the basal planes in these twa guad-
rants he normal 10 the surfaces that expenence the greatest punch-
type shear stresses (see Fig. 9, lateny In all other quadrants there
15 some component of resolved shear stress along the t(winming
dircction, Herein hies our first strong manifestation of ¢ryse
tallographic constrmat It will be apprecrated that the evtreme
anisotropy 1n (winming density means that there must exist other,

Fig. 2. mueropraph of 2-N Vickers indentanon 1 sapphure, showing ) . .
wie 7 ap 18 straces 3t the susiace Radnat cracks imtiate from neat peshaps more potent, shear deformation modes: for, athernse,
mpte. o meD how might we possibly account for the residual unpression in

(A)

Fige 3. Micimtachs o mtatom sone an sapphats oot otantabaon U Fae T8 gt basab b mtotaces e anptoseon sdee showany auckation abong
twan V1T b it al it isecteons betseen taens o+t ahp faults S i impression cotaet Nole ow mitanacks evong ante tadial atme st ki
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twansfree quadrants such as those wn Frg 10

These observations of the twin patterns were (v pical of all the
tndentation sites exdnuned s this study, the anly notewarthy de
parture (tom complete sumlanty was an apparent. slight tendeney
for the average thickness and the demity of the (wins o merease
with load,

(8)  Shp Futlty == Marphologv and Misorientation. Atempts
were made 10 resolve the shp clements responsible for the bull,
of the residual deformanon in the central indeatation cone ‘This
proved difficult owing to the extremely high strain density Newers
theless, by systematically tlting the foils 1 the TEM 1t way pone
sible to image fault planes of localized high distocaton denwity,
¢.g.. 35 scen in Figs. Jt8) and 4 These faults gencrally appeared
10 be much narrower than their twin counterparts and were nter-
preted as planes of coneentrated slip. Selected-ates diffraction in
such regions showed no spurious reflections. confirming that
the defects were nor microtwing, From the TEM evidence. along
with corresponding observations of (ault traces in the SEM
{e.g.., Fig. 2), the slip planc for the faults was determined w be
{1133}, i.e.. of the pyramidal type. Because of the exteeme ine
1ensity of contrast, attempus at Burgers vector determinanons of the
dislocations were unsuccessful,

Accordingly. another means was sought by which more quanti-
tative information on the associated deformation might be obrained.
Convergent-beam kikuchi panterns were used for this purpose.
Thus the relative change in onentation in moving from the center
10 the edge of the indentation zone, in the minner shown schemat.
jcally in Fig. 5{A), wias mapped from the comresponding series of

(A)

@
onN
oW
o»
[ 0]

Fig. 4. TEM nucropraph of 0.28N Vickers indentation near nmrr:ss;\\n
comer in sapphire Ship (aulis $§ reptesent planes of concentrated slip lving
parallel to mm. Twins T7 also visible.

Flgp. 5. Use of convergent-beam kikuchy pattems to measure susortentation el imdontition zone eAs Sohannatie showaniy spol trateiss fon mappung nut
lattice rotations across each quadrant of indentation upper diagram. plan veew, Jower dragram, profile sie B The caroponding hkudh pattesis
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Fig. 6. Schematic disgram indicating invariant tilt axis ‘(‘rn)lel to -
rows) where the shift [ =+ 2 = 3 In kikuchi pattems is collinear,

kikuchi pattems, Fig. 5(8). The electron probe size was ~0.1 um,
and typically five patterms were oblained per quadrant (including at
least one outside the indentation ares, 1o give a “zero misorien-
tation" calibration). Because the position cf the kikuchi psttern
relative to the transmitted spot is highly sensitive to minute changes
in otientation, the shift between successive patiems provides us
with an accurate measure of the misosientation. More speciically,
the magnitude of the shift determines the angle of misorientation,
. and the direction of the shift determines the aris of misori-
entation (Fig. 6). The values of y in the near-center regions of the
indentation (i.e.. positions / w0 4 in Fig. 5(A)) ranged from 2° to
10% this range appeared to be independent of load, These values
are 100 high 1o be simply due to foil bending. Indeed, ¥y = 6°
corresponds 10 a shear strain tan y = 0.1, which is of the order of
the theoretical cohesive limit." This result is not surprising when
one considers the ratio of hardness to shear modulus for sapphire,
H/G = 20 GP2/150 GPa = 0.13 (recalling that, by definition,
hardness is a measure of the “average" stress beneath the indenter).
It is clear that we are dealing with a high-stress shear process here.

The slip configurations were sensitive to the indent orientation.
For orientation 3 the direction of the kikuchi psttern shifts tended
10 be collinear, indicating that material rotation was taking place
about an invariant tilt axis. This tilt axis was consistent with slip
onasingle crystallographic system (specifically, on {1123(T100)).
For orientation A, however, although the magnitudes of the misori-
entations were similar, there was no such invariant tilt axis,

The difference in behavior between the two orientations can be
explained by reference o Fig. 7. In this figure surface traces of the
active {1133} planes (imaged in the TEM as planes of conceatrated
slip) are sketched in as dashed lines.' Only two of the three pos-
sible surface traces are shown, as no evidence for slip was obtained
for the third set. For orientation 8 one set of {1123} planes, that
with its trace more closely parallel to the impression edge, is
clearly more disposed to slip than the other. For orientation A
symmetry prevails, so the two sets are equally well disposed
10 slip. Hence the lack of a well-defined tilt axis in the latter
orientation. )

As mentioned above, each trace actually represents a pair of
planes; it is assumed, however, that only the plane which expe-
riences the greater component of the shear stress’ will be active.
It is believed that although the third set of {1123} planes (sur-
face trace perpendicular to the {0001]) would appear to be fa-
vorably oriented for slip in orientation A, basal twinning occurs
preferentially.

(3) Microcracks
Particular attention was given to the presence of fine micro-

1t should be noted that ashogether there are six vasiants of the {1123) plane. These
can be regarded as consisting of three pairs of variants, where within each peit the two
planes intersect the (1120) plane alorg the same direction, but are inclined at equal
and opposite angles to the specimen surface. X

"Note that esen if foil relaxations were 0 be a factor, our conviction that we are
wilnessing inftinsic nucleation processes would hardly be diminished: such spurions
relanations might then be viewed as causing essentially the same (but premarun §
;»pcmng of the microcracks as would ultimately oceur tn any subsequent external
oading
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Fig. 7. Diagram showing trace of {1113)
planes (shown as dashed lines) with respect 10
the indemter for orientations A and 8. In orien-
tation A the two sets of {1123} planes are sym.
metrically oriented with respect 10 the indenter,
Ia orientation B preferred slip occurs on set of
{1123) planes SS. Hence unique tilt axis in lat.
ter case.

cracks within the indentation zone, with the express intent of deter-
mining the source of nucleation centers for large-scale radial frac-
ture. Examples are shown in Figs. 3, 4, and 8, No such microcracks
were ever detected in the undistucbed crystal regions, eliminating
the possibility that we might simply be observing a preexistent
flaw population. Further, the incidence of microcracks appeared
10 be as great in the thicker regions of the foil as in the thinner, sug-
gesting that the results are no mere artifacts of ihe foil preparation.’

By tilting the foil until the cracks were seen edge-on, it could be
determined that nucleation occurred preferentially at either the
{1123} slip planes or the (0001) twin interfaces. Figures 3 and 8
show examples. In Fig. 3(A) we see twin-induced microfissures
along TT degenerating into a larger-scale radial crack R at lower
left. (Close inspection reveals that the radial crack actually extends
back a little way to the right, into the indentation zone.) It is noted
that (0001) is mot a favored cleavage plane in sapphire, so it is
difficult to envisage how these fissures might ever be interpreted
as anything other than the result of nucleation events. In Fig. 8
analogous, slip-plane fissures are evident, again degenerating into
a radial crack configuration. We note the segmented appearance of
this particular crack system near the impression comer, strikingly
reminiscent of the radial patterns observed in glass (e.g.. Fig. 7in
Ref. 9).

1V. Discussion

Using clectron microscopy, we have been able to identify basal
twinning and pyramidal slip as the principal shear deformation
clements for Vickers indentations in (1120) sapphire. [n addition,
we have observed microcracking associated with the shear ele-
ments. These processes all operate at stress levels close to the
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Fig. 8. TEM of 0.25-N Vickers indentat:on in sapphire, showing
how shp Zaults intersect at impeession comer to Aucleate micto
crachs 39 thence 10 initiate the largeriscale radial cracks, Note
crack “wepments” patallel 1o impression diagonal in comet fegion.
This suggests that, on sensing the tensile stress field that evists
outiide the hardnest zone, the newly created microcracks make
several unsuccessful attempis 10 “pop in™ fo the tadial configura:
l::ﬂ. only 10 be arrested by an adjacent (ault funther remorcd ftom
the Center.

thearetical cohesive himit. In this respect the nature of the contact
damage 1n sapphire appears to differ little from that i glassy
matenials. However, the anisotropy 1n deformation pattems for
different indenter orientations (Fip. 1) indicates that ceys.
tallography unposcs severe constraints on the capacity of the cose
tact stress fields to activate slip. It is in this context that we discuss
wn some detail, with reference to Fig. 9, the mannes in which the
sapphire deforms 1o accommaodate the penctrating indenter and
thereby generates microcracks.

(1} Deformation Mechanisms

Basal twinmng has been observed in supphire by several other
workers.™ ¥ What 1 perhaps surprising is that no evidence of
rhombohedral twinning®™ ™ was detected here. We have already
alluded (Sceton 1 1o @ strong crystatlographic constraint factor
in sapphire, 1t 15 therefore possible that the thombohedral type
could be acuvated in other foil and indenter onientations. It can thus
be argued that we ure dealing with highly competitive deformation
processes in this material and that, for our {1130} surface onen-
tation, 1138 the bae  plane, by virtue of its favorable disposition
relative to the direct  as of principal shear, that is strongly favored.

Although basal twinning can uccommodate some of the per-
manent deformation induced by the indenter. 1t cannot account for
all of 1t To se¢ this, consder the twinning geometry in Fig. 9(A).
11y readily shown that the semaangle of the hardness impression
18 iven by

tn & = [d/ul + D)) un a )

where D as the mean spacing between twins, o s the (win thick-
ness, and a s the twin shear angle. Inserting appropriste values,
D 300 am and J = S0 nm from the electton microsgopy evie
dence, and a =~ 33" from geometrical conaderations, we caleuliate
¢ - 4 torthe umpresston angle This i substantially less than the
vortesponding angle 16 between the faces of the Vickers pyrinnd
and the speaimen surface {0 clear that other deformation mech-
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(A)
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(8)

Fig. 9. Schemanic illustration of how (A) twinaing and (M1 ship 30t 0
accommadate the punchetype shear stresses induced by the indenter

amisms must &t in concert with the twinning.

Our results indicate that pyramidal slip, Fig. 94, 15 predominany
among these other deformation mades. This s 1n secord with
previous sharp particle impact work by Hockey™ on {1133} sur-
faces: for that particular contact configuration it wias possible
resolve individual dislocation arrays at the periphery of the defor.
mation 2one, and thence to confirm the {LIIINTIOY pmary
system, However, the detatled nature of the slip process remaing
somewhat obscure, panticularly in the regions of highest stress
concentration (i.e., at the impression center and diagonzls), We
have mentioned the difficulties in carrying out Burgers vector
determinations 1n the regions of intense diffraction contrast, Given
the strong inhomogencity of the typical indentation stress ficld.'
together with the constraints unposed by the indenter shape (espe-
crally at the contact didgonals), it is not unreasonable to expect that
some multiple shp-plane activity must occur.

The fact that the slip processes operate vlose to the cohesive linut
means that there are high Peierls encrpy barriers to dislocation
motion, High Peierls barriers are. of course, charactenistic of all
ceramics with a large component of covalent bonding.”” The ques-
tion anses as 10 how valid it is to retain the piciuce of plasticaty by
(activated) glide dislocation motion 1n such cases. Hill and Row-
cliffe.” n analyzing analogous ndentation-induced dislocation
structures in silicon, suggested a catastrophic shear mechanism, for
which they coined the term “block slip.” In their interpretation the
observed dislocations simply represent the end sesult of lattice
mismatch between opposing, shpped surfaces, somewkat akin to
the configuration one would expect for a healed shear crack. It
might be argued that such distinctions amount to no more than ar
exercise in semantics; after all, the final dislocation array s the
sime. On the other hand, the concept of block shp. unlike that of
stmple dislocation motion, does extend nuurally to nonenystathine
matenals, thus the shear faulung observed n plase ™ iy well be
desenbed in these terms.

(2) Crack Nucleation

Regardless of the detmled nature of the sheanng process w
sapphire, it s apparent that the shp planes, as well as the twmn
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interfaces, ¢an be viewed ag high-energy planar defects. As such,
they represent favored sites for micraerack nueleation, consistent
with the expenimental results in Seetion 111, We are unaware of any
study of crack nueleaton in sapphire 1n the hiterature (apant from
nferences drawn (rom incidental observations, ¢.g . postfailure
fractography of streagth specimens™), so we shall explore the
possible mechanism in greater detail below.

Fiest, st may be rewterated that we are dealing with true nucle.
ation events here, and not simply with the propagation (il stable)
of preexisung flaws. Experimental studies on double-cantilever
beam fracture specimens’™ demonstrate that (0001} is the least
favored of all erystallographic planes for cleavage (a result that is
readily rationalized 1n terms of the high cost in cnergy 10 sepaate
surfaces of oppositely charged jons). Yet one of the scts of micro-
¢racks in our indentation experiments was observed at the basal
wwin interfaces. Such energetically unfavorable fracture configu.
rations are (0 be expeeted only under conditions of extraordinary
constraint, as indecd occur beneath a Vickers indenter, There the
local stress concentrations are presumably so intense, with a
strongly suppressed tensile compoenesnt, as to override the usual
dominating influence of surface energy.'

Accordingly, by analogy with the shear-fault modeling in carlicr
studies on glass,™* it is proposcd that crack nucleation in sapphire
occurs preferentially on the twin and slip interfaces, Exactly where
along these interfaces the nucleation begins is open to speculation,
but there are certain sites that appear more favored than others,
Among these are points of intersection between twin and slip planes
in adjacent quadrants, especially in the vicinity of the impression
diagonals.” There are strong parallels here with the time-honored
distocation pilcup models of crack initiation of the Zener-Stroh-
Cottrell iype™™** for metals, An important difference in the
covalent-ionic material of interest here is that the “pileup” planes
themsclves, because of their state of high encrgy, are likely to
become an integral part of the crack embryos once the process has
begun. It follows that for “subthreshold" indentations in which
nucleation has not yet been effected, these planes will remain as
potential sources of weakness in any subsequent, extemal stressing
andior environmental attack, as is indeed found to be the case in
optical glass fibers.*

The issues raised above have important implications concerning
the mechanical properties of intrinsically hard, brittle ceramics. It
15 genenally accepted that the chief cause of strength degradation in
ceramic materials with intially pristine surfaces is the poesence of
small “flaws," and yet scant attention has been paid to the funda-
mental, precursor defects from which these flaws generate. In.
stead, there is a deeply rooted tendency for those involved in
strength analysis to disregard such potential “complications," and
to treat flaws as scaled-down versions of large-scale cracks subject
exclusively to externally applicd stresses. The results of our study
indicate that this picture can be highly oversimplistic. Not only
may the responsc of these flaws in extemnal ficlds be dominated by
the residual nucleation stresses and local crystallographic con-
straints, but the fiaws themselves may exist in a “subthreshold™
state. In such cases the mechanics of failure differ dramatically
from those that derive from the traditional “Griffith microsrack™
theories.”! We may envisage a similar impact on the micro-
mechanics of other, practically important, contact-related pro-
cesses, such as erosion by particle impact, and wear by machining,
gnnding, and polishing, etc. The additional complications that will
inevitably occur in polverystalline aluminas and other engincering
ceramics remain a subject for future investigation,

‘It 18 interesting to note that sapphire 15 not the only matenal in which indentation.
induced cracking on uther than pnmary cleavage planes is observed. In both LiF and
MO, radial vrack anms can be made 1o eatend relatively lu}:c distances alon,g {110}
planes, even though 1t 1s {001} which cotstitute the easy lracture planes;?* there,
because uf the relatine softness ol the material, the entical ship events responsible for
the generation of the noncleavage cracks are much mote readily apparent
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Y. Conclusions

For the indentation of {1120} vapphure. the deformation pro-
cesses which occur have been shown 1o be sensitive to the onien-
taton of the indenter with regpeet 1o the ervstallography  The
principal modes of defonmanon were wdentified as basal twanming,
and pyramtdal ship. The basal twin interfaces and pycamidal slip
plancs were observed 10 act as nucleation sites {or Incipient nucros
cracks, Since these interfaces represent planes of weakness in the
structure, onc can consider flaws as exisung along these bound-
anes in a subthreshold state. The findings of Qur studics on ¢rack
nucleation processes suggest that the concept of a “Gnifith mcro-
crack,” which 18 subject tn its mechameal responsel only 10 exe
ternal stress fields, may bz overly simplistic.
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Temperature Dependence of Hardness of

Alumina-Based Ceramics
CHARLES P ALPERT.® HCLEN M CHAN." " STEPHEN S BENSISON.” ' AND

Briax R. Lawn®

Ceramics Division, National Nureau of Standacdi, Gathenaburg, Manland  20x99

Hardness was measured as a function of temperature (20° 10 1000°C) for several
AlLO; ceramics, including single-crysial sapphire and polverystalline alwmmnas
containing different amounts of second phase. Hardness decreased sicadily with
increasing temperature for all materials tested, in accordance with @ semi-
empirical relotion of the form H=H, (1 =T [T,). This behavior conformed with a
thermally activated slip process. limited by Peierls stresses, At lswer temperas
tures, the hardness values for debased aluminas were less (smaller H,) than for
the pure materials, consistent with a reduction in shear modulus resulung from
the “soft” phase. However, at higher 1emperatures the hardness values for all
the aluminas converged idemtical T,, i.e., material-invariant activation encrgy).
The latter behavior indicated that the temperature dependence of the indentation
deformation was conmtrolled predominantly by the Al,0; component.

N VIES' of the potential use of ceramics

as high. materials, i s per-
haps remarkable that so little is known
about thelr “hot hardness™ properties.
Studies by Westbrook,' Atking and Tabor.*
and Naylor and Page’ stand out as impor-
tant, but isolated, contributions. Particu-
larly surprising is the lack of attention in
this respect paid to Al:O,, one of the most
widely used of all ceramics. The data that
do exist on this material'** show a gen-
erul tendency for the hardness 10 decrease
strongly with temperature, suggesting some
activated process. However, there appar-
ently has been no attemp( to compere data
for pure and debased aluminas, or even
for single-crystal and polycrystal alumi-
nas, 10 determine the influence of micro-

CONTRIBUTING EOI108 — W R. Canstin

I”'IMW No, l”)l?, sacivd December 28,
'Semn‘by wa.s‘kur&umrmaw-

1ific Research.
*Member, the American Ceramic Society.
*Summer student [1om Walter Johaton High
O vt fom e Depacmend of Maserish S
e from A ks Scie
;“A“l :&J’b.imriu. Lehigh Univensity, Bethichem,
Using Model No. QM. high-lemperatore micto-
lém\s:::u« Instrument Div.. Nikoa, Inc.. Garden
iy, NY.
Y'A\Iol Mellor Co., Providence, RI: sutface
onientation 12110),
‘Vistal, Coors Poecelsin Co., Golden, CO.
**AD¥99, Coors Porcelain Co.

Table 1. Propertics of Materials Used in This Study

structure. Thus, the role of such factors a3
grain-boundary phase, 30 critical 0 creep
properties, remains largely undeterrminad.
The present work investigates the
rature de of several AlLO,
ceramics, with the aim of exsminng the
role of microstructucal variables,

EXPERIMENTAL PROCEDURE

The matetials tested included single-
crystal sapphire and nominally pure and
debased polycrystalline aluminas. Table |
lists these materials, aloag with some of
their essential properties. The second
phase in the debased materials was de-
termined by scanning and transmission

X Second 'ghuc Grain size M Hy
Materia) thvol%) {um) (GPa) {GPs)
Sapphire® 174 23.2
Vils)(‘;'l" 0.2 20 161 23.2
AD9%9' 0.2 3 158 23.2
AD96; 7 1l 125 176
AD9 18 4 I3 15.8

*Adolph Mellor Co., Providence, Rl sutface vnentation (21100 Coors Porce-

Iain Co . Golden, CO
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clevtron mencopy to be 3 partally ¢
thred sluminosihicaie glaw, concentrated
pramaniy i pockets between the gramny
tFig b

Befure hardnesy testing, cach sample
wa mechanieally polished 10 a 1-m sure
face finish. Hothaedness tests’ were made
At 10:N laady using 3 \'iekers indenter at a
constant pencteation tate 1300 wm <1 and
fined dwell time 118 51 at mavimum load
Measurements were tahen at 200°C 1ntere
vals o 1000'C thomologous emperature
T.T.»0.58 under | mPa vl ™ o las
dentation half-diagonals were measwrad
from optical and scanmng eleciten micros
graphs and convested 1o handness values
using HmP 2a', aith P the load and ¢ the
indentation halfsdiagonal Mean and stan.
dard deviations were evaluated fromn fine
tndentations per temperatue sewing per
matenal.

REsLLYS

Figure 2 plots hardness as 3 function
of temperature for the different aluminas.
The typical standard dnviation for the
points in this plot Is =5%, but error bars
are omitted to avoid data overlap. The
hardness for all matenals decreases neaely
lineatly with cemperature. For sapphite’
and the nominally pure polycsystalline
sluminas.”*® the data are practically
indisunguishable. This indicates that, for
the range of temperatures studied, grain
boundaties play no significant role in de-
termining hardness, On the other hand,
the data for the debased aluminas fall
below those for the pure aluminas. This 13
not inconsistent with the expected role of
a soft phase, However, the greatest differ-
ences in values occur at the lower tem-

Fig 1 SEM of polished section of debased (ADYD) alunuina, showiny
pochets of alumnosilivate glaw phase between the ALO, prans Note
that the Latter grams niahe Jose contact with adpacent neghbors 1e | the
ALO structure » “connected ”
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Fig. 2. Plot of hardeess verius for the aluming materials

listed in Table I, Solid linet are linear fus to Eg.

peratuces: indeed, the data foc all materials
converge strongly ot the upper end of the
tempersiure scale,

The general implication of these quali-
tative observations is that the activation
process for the deformation is controlled
by the same, primary component in all the
materials, i.¢., the AlLO,. Microscopic
examination of the surface regions around
the indentation sites revealed the extent
and density of slip lines to be comparable
in the sapphire and the relatively coarse-
geained polycrystalline alumina® at ele-
vated tempcratures (albeit confined within
the grains in the latter matecial), suggest-
ing that the availability of suitably ori-
ented slip systems is no limiting factor in
the deformation peocess.

HARDNESS AS A THERMALLY
ACTIVATED SLIP PROCESS
With these features in mind, au at-
tempt was made to reconcile the results
with theoretical relations for dislocation-
controlled strain rates. An eaclier paper*
argued that dislocation slip processes ac-
count for the greater part of the hardness
deformation in sapphire, even at room
temperature (although the indentation
shear stresses were close to the theoretical
cohetive limit for the Al,O; structure, and
twinning was also active). More quantita-
tive studies’® of the deformation processes
in sapphirc confirmed the activity of well-
defined dislocation slip systems: more-
over, the flow stresses for these systems
follow the same precipitous decreases with

"AD90. Coors Porcelain Co.
"AD96, Couts Porcelain Co

().

temperature that appear in Fig. 2. Accord-
ingly, a semiempitical relation for dislo-
cation velocities for activation over energy
barriers’ yields

vmpBbw exp (~(AFJAT)I(1-¥/Y)] (D

where 8 is a dimensionless constant, b is
the Burgers vector, » is a lattice vibration
frequency, AF, is a zero-stress (r=0) ac-
tivation energy for the disiceation motion,
7 is the resolved shear stress oa the rele-
vant slip plane,Y is the theoretical shear
strength of the crystal (xu, with p the
shear modulus), k is Boltzmann's con-
stant, and T is absolute temperature. The
barriers in Eq. (1) could be associated
with either the intrinsic lattice resistance
or extrinsic obstacles. The main feature of
this equation is the appearance of 2 strong
stress term in the activation exponent.
Consider the conditions under which
the hardness tests were made. Recall that
the indenter in the present experiments
was losded at a constant penciration rate,
followed by a fixed dwell time. In the ap-
proximation that the bulk of the deforma-
tion occurred during the initial penetration
stage (i.e.. neglecting any additional de-
furmation that might have occurred in
the dwell time after achieving maximum
load), the average steady-state shear-strain
rate in the near-contact field was the same
for all indentations, regardless of material
or temperature. But for dislocation.
controlled deformation, the steady-state
shear rate is simply bpv, where p is the
dislocation density. Surely, p will depend
on the resolved shear stress, 7 (notably at
the higher tempcratures), but such a de-
pendence will appear only as a preexpo-
nential factor (usually power law’) in the
shear-strain rate, and to a first approxima-

]
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tion may be neglected compared 10 the exs
ponential dependence in EQ. (1) Witk this
qualification. v is constant. Finally, the
hardness. M. will scale directly with the
reiolved shear stress, 7. Then Eq. t1) may
be reamanged 1o give

HuH L =TTy 2

where MaxY % i the hardness 9t O K and
T.xAFq i3 the “softening™ temperature at
which the hardmess gocs (o 2er0.

The solid lines in Fig. 2 are fits of
£q. 12) 10 the data, I this fitung. no M-
tempt is made to distinguish between the
single-crystal and pute polyeryital forms
of Al;Oy. However, separate lines are
drawn through the data for two debased
aluminas. All the data can be fitted to a
common value of Ty= 1330 K. The vajues
of My, however, dilfer for cach curve.
These values are included in Table 1,

Discussion
Can one attach any physical signific
cance 10 the obtained from the

data fits? First, it should be emphasized

* that the “goodness™ of fit obtained in
Fig. 2 establishes consistency with, but
not proof of, a flow process controlled by
dislocation motion over lattice barriers,
There are several variants of Eq. (1).*
along with the usual (empirical) Arthenius
function, and most of these fit equally
well to the data,

The modeling indicates that the de-
formation Is stress activated. Moreover.
the apparent constancy in To (XA F) sug-
gests that the activation cnergy is the same
for all alumina materials, which in tum
suggests that it may be slip in the hard,
primary Al;O, component that controls
the activation process. This possibility
differs somewhat from that advanced by
Czernuszka and Page’ in an earlier
hardness-temperature study of two de-
based aluminas, that suggested that the
sharp fallolf in hardness with increasing
temperature might result in part from
a softening of the second phase. However,
those workers made no attempt to com-
pare their results with controls contain-
ing no second phases. Also, the estimated
softening temperature of the plass in the
alumina materials used here,"! ~900°C
(from viscosity data for aluminosilicate
glass™). suggests that the second phases
may retain much of their load-bearing
capacity at intermediate temperatures,
Furthermore, it appears from Fig. 1 that,
despite the presence of the glassy pockets.
the Al;O, grains in the debased struc-
tures maintain close contact with their
neighbots; i.c., the alumina structure re-
mains effcctively “connected.” In this
latter context, the indentation ficld con-
tains a large hydrostatic-stress component
that would help to enhance such intergran-
ular contact.

This picture of a connected alu-
mina structure is also consistent with the
“athermal” element of the hardness
behavior. The shear modulus for such a
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structure would be expecied to diminish
systematically with increasing gla con-
tent, in accordance with some law of
mixtures, The reduction in Ha (Xu) with
increasing glass content (Table 1) might
thus be interpreted as a reduction in Ca.
pacity for the structure to withstand shear
loading: Hg indecd appears to icale ap-
proximately with the measured shear
modulus lisied in Table I

From these observations, soft phases
(at least at the levels considered in the
present work) may ot always be unduly
deleterious to the load-sustaining capacity
of ceramics al moderate temperatures (1o
1000*C). panticularly if the loading has a
large compressive component (¢.g.. 38 in
the contact events responsible for erosion
and wear). This insensitivity to composi-

Communicetions of the dmerican Ceramitc Sockty

tion directly contrasts (© creep propettics
at higher temperatures.
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Crack-interface Traction: A
Fracture-Resistance Mechanism in Brittle
Polycrystals

Perer L Swanzon’

Instiute lor Malenals Science and Engincenng
Natonal Buteau of Standatds
Gaithersburg, MO 20899

Crack-inteciace tractions have been identified as a source of increasing resistance
to fracture with crack exiension, ot rising R-curve behavior, in previous studies on
coarse-grained alumina. Real time, in situ, microscopy observations are used in the
present study o investigate the generality of crack-intedface tractions as a crack-
resistance mectanism in three alumina and three glass-ceramics with varying
R-curva characteristics, Interface tractions are found o operate (0 varying dagrees
in each matenal, Observed sources of interface traction include: (1) frictional or
geometrical interlocking of microstructurally rough fracture suraces and (2)
ligamentary bridging by intact islands of material left behind the advancing fracture
front, Ligamentary-bridge forrmation is compared with the development of twist
hackle, inclusion’'wake hackle and cleavage hackle in simple material systems. Both
sources of interface traction remain active as far as 100 particle dimensions behind
the primary crack lip and, with sufficient crack-opening displacement, are eveniually
overcome by interface-localized microlracturing. Simple analytical fracture mechan-
ics concepts are used 10 assess the influence of interface tractions on macroscopic
fraciure behavior. Because of the cbserved crack-history dependence of the
interface-traction crack-tip shielding, it is suggested thal neither R-curve behavior
nor applied-Kysubcritical crack velocity relationships are unique properties of these
and similar materials.

Our understarding of fracture micromechanisms in brittle polycrystals has
recently been advanced through elementary studies of the fracture-extension
process using real time in situ microscopy techniques.!*? These studies have
demonstrated that, although our understanding of the basic phenomenology of
fracture in these materials is still in its infancy, there is great potential for effective
engineering design of fracture properties through elucidation of the various roles
that a matesial's microstructure plays in providing resistance to fracture. An
important characteristic of macroscopic fracture serving (o focus attention on
fracture micromechanisms is the crack-length-dependent toughness observed in
cerain polycrystalline ceramics. Of greatest interest are materials exhibiting
increasing resistance to fracture with crack extension or rising R-curve behav-

jor.'-¢

*Now with U.S. Buteau of Mines, Denver Federa! Center, Denver, CO 80225.

Advances in Ceramics, Vol. 22: Fractography ol Glasses and Ceramics
Copynght & 1988, The Amencan Cetamic Soctety, Inc.

135




/(K M )2

Fig. 1. Ditfuse microcrack zone predicled by microcrack-toughening
models incorporating a critical-principal-tensile microcracking stress, Ome.

Rising R-curves imply that a material has an increased tolerance of cracks and
flaws. As critical flaws in ceramics are generally very small and very difficult to
detect using nondestructive testing techniques, the benefits of sustaining larger
{laws before reaching critical fsilure conditions are obvious. Thus, a fundamental
understanding of the mechanisms by which a material resists fracture is cricial to
the development of strong flaw-tolerant ceramics.

Numerous mechanisms have been suggested to bz m<ponsible for R-curve
behavior in single-phase, nontransforming ceramics, particularly frontal-20ne
micrccracking (Fig. 1). This commonly cited toughening mecharism was spicif-
ically tested for its applicability to alumina ceramics in a recent microscopy
sjudy.? No distributed microcracking ahead of the primary fracture tip was
observed with either optical reflection/transmission microscopy or diamond-stylus
surface profilometry.”

While failure 10 find experimertal evidence for distributed microcracking
cannot be used as direct evidence of its nonexistence, these studies have
demonstrated that another mechanism is active which provides a reasonable
explanation for a variety of macroscopic fructure phenomena, including R-curve
behavior. It is a mechanism of restraining forces acting acruss the nascent {racture
interface which shields the primary crack tip from high levels of stress. The effect
is similar to the action of fibers in fiber-reinforced composites; as a crack extends
through the matrix of the composite, the increasing restraining effect of the fibers
must be overcome for continued propagation. Figure 2 schematically illustrates
two sources of restraining force, or crack-interface traction, observed in
polycrystalline alumina® and multi-phase crystalline rocks.” They are: (1) geo-
metrical or frictional interlocking of topographically-rough fracture surfaces and
(2) ligamentary bridging by intact **islands'* of material left behind the advancing
fracture front.

Secondary microcracking was, in fact, observed in the microscopy experi-
ments.™? It is important to note. however, that it did not occur by the
critical-principal-tensile-stress mechanism (Fig. 1). Instead, microcracking oc-
curred behind the visibly-defined primary crack tip at positions where tractions
were transmitied across the fracture interface. Interface-localized microcracking,
including both friction-induced microcracking and localized microcrack rupture of
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(1) FRICTIONAL INTERLOCKING

SRSpigup

(i)} GRAIN BRIDGING

(IMTACT=WATERIAL “ISLANDS® LEKPY
BENIND ADVANGING FRACTURE FAONT)

Fig. 2. Sources of crack-interface 'traction observed in coarse-grained
alumina (3) and multi-phase crystalline rocks (7).

the intact ligamentary bridges, served as a mechanism for overcoming the
cruck-plane tractions.

The energetic importance of the interface-traction shielding **activity'” was
first demonstrated directly in R-curve experiments on alumina by Knehans and
Steinbrech.® They measured as much as a four-fold increase in the enargy required
for crack extension after propagation distances of only a {ew hundred microme-
ters. By removing the traction-supporting interface with careful sawcutting, they
showed that the rising R-curve is reduced to original (short-crack) levels of
fracture energy. Contributions (o the fracture energy from a frontal microcrack
cloud were not needed to explain the increasing resistance to fracture with crack
extension. In the final energy-budget analysis, the increased resistance to fracture
can largely be traced to the increase in secondary microcrack surface area. The
multiple. interface-related microcracks often occur along transgranular fracture
paths thus providing an intrinsically high-energy source of fracture-surface
energy.® Additional fracture energy may be consumed through other friction-
related dissipative mechanisms,

In the present paper, photo-documentation of reul time in situ microscopic
observations of tensile-fracture propagaiion in several difterent alumina and
elass-ceramics is presented. The generality of the interface-traction crack-
resistance mechanism in these materials is explored, suggestions as to the
conditions which lead to interfuce-traction formation are offered, and the conse-
quences of thewr action on mucroscopic fructure behavior through a generic
intertice-traction fracture model are considered.
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Fig. 3. Wedge-loaded double-cantilever beam (WLOCB) geometry used
in real-time observations of fracture; (a) plan view, (b) side view.

Exp&imental Technique

Mode-I fractures were propagated in small wedge-loaded double cantilever
beam (WLDCB) specimens of polycrystalline alumina (nominal grain size 3 pm
(AD999*), 6 um (FF'), and 80 wm (VI*)) and glass ceramics (5-pum cordierite
laths (PC?), 8-um mica platelets (MAY), and 15 to 30 wm lithium-alumino-silicate
platelets (SL3") dispersed in glass matrices). Both tapered WLDCB specimens
(2-mm thick, 12-mm per side equilateral triangles (Fig. 3)) and rectangular
WLDCB specimens (1.5 by 5 by 12 mm) were employed.”

Crack velocities ranged between approximately 10™* and 10~® mvs in both air
and vacuum (10~ torr) environments. Observations were made through an optical
microscope (Fig. 3) equipped with Nomarski interference contrast capability and
a scanning clectron microscope. Specimens were polished with successively finer
diamond grit sizes down to | pm, followed by 0.3 ixm alumina powder. The SEM
specimens were given a light coating of gold. The optical microscope specimens
were left uncoated to preserve optical transmissibility.

Precracks were initiated from 130-pm-wide starter notches by direct wedge
loading in air. Load was supplied via a 60° screw-driven, carbide-tipped. tool-steel
wedge. Crack-guide grooves were not employed.

After each load increment, subcritical crack extension was monitored through

*Coors Porcelain Co., Golden, CO.

tFriedrichsfeld Co., GmbH, Mannheim, Germany

$Coraing C9606. Pyroceram. Corning Glass Works, Corning, NY,
§Corning C9658, Macor, Corning Glaw Works, Corming, NY,
€Sandia National Laboratory, Albuquerque, NM

**[dentification of materials used in this sudy does not imply emlersement by the National Bureau
of Standards,




the microscope until the crack veloeity dropped below approaimately 107" nus, A
mosgic of micrography wis obtained while the sumple remained under load und
then the sequence wan repeated, Samples were not unlowded at any time during the
tests. Crack propagation direction was from left to right in each micrograph.

Resuits

General Observations

As is commonly observed in many brittle polycrystalline systems, fractures
display a general tendency 10 deflect along appre  iately-oriented low-(racture-
cnergy particle boundaries. Extension along these boundaries (as well as
transgranular segments) occurs in discrete jumps. with the extension-increment
length closely related to the size of the constituent particles. The increments are
quantized not only in the direction of macrocrack propagation but also laterally
along the length of the crack front. Consumption of fracture energy is no,
therefore, necessarily accompanied by visible crack extension on the surface.

While the overall macrocrack velocity was in the range of 10~% 10 10~ nvs,
the speed with which the individual increments advanced varied. In the large-
grained alumina, the discrete-increment speed was usually much faster than the
eye could follow (&10™> mvs at 200X ). It thus appeared as if the macrocrack
growth rate was limited, not by propagation over individual increments, but by
initiation of the increments. Exceptions to this were observed at very low
velocities where the increment speed occasionally approached the average
velocity.

Crack extension also was discontinuous in the glass-ceramics; however,
compared 1o the aluminas, the discrete-increment velocity more closely approxi-
mated the overall average velocity.

No evidence of a diffuse frontal-zone microcrack cloud surrounding the
primary fracture tip was observed in any of the crack growth experiments.
Crack-interface tractions, however, were observed to some degree in all of the
materials invectigated. Due to the difficulty in viewing three-dimensional fracture
structure from a two-dimensional surface perspective, separation of the interface-
traction sources into the two categories shown in Fig. 2 was not always possible.
Since many of the materials studied range from transparent to partially translucent,
it was possible to resolve some three-dimensional crack structure in transmitted
light. However, both the limited depth-of-field available at high magnification and
scattering {rom both rough fracture surfaces and related interface microcracking
make positive differentiation between the two sources difficult. It is relatively
simple, though, to detect interface **activity'* without specifying the exact nature
of the traction source.

Intertace Tracticns

Figure 4 illustrates a relatively clear example of how geometrical interlocking
leads to interface-localized microcracking in the coarse-grained (VI) alumina.
Frictional resistance to the shearing components of local crack-opening displace-
ment (modes -1l and -1II) provides the tensile (or mixed-mode) driving force for
the reverse-propagating secondary microcrack. Friction-driven extension of the
microcrack in Fig. 4 persists even though the macrofracture has traversed the
entire specimen length (boundary of specimen is | mm to the right of the
secondary-crack site). Continued loading of the **failed’" sample resulted in
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Fig. 4. Interface-localized microcrack produced in coarse-grained
alumina (VI) by frictional resistance o separation of interlocking fracture
surfaces.

complete detachment of the contacting asperity to produce a loose particle of
specimen debris. In general, the amount of debris along the fracture interface of
cracked specimens decreases as the crack tip is approached.

The evolutionary process of bridge formation and rupture in the coarse-
grained alumina is shown in Fig. 5. This sequence of photos shows the same field
of view at three different stages of loading. The distances between the primary
crack tip and bridge site in Fig. 5(a) through (c) are approximately 0.4, 0.7, and
4.7 mm, respectively. (Interface tractions were observed to remain active for
several millimeters behind the crack tip in this particular material.) In general,
bridging segments encompass a single grain or small groups of grains (exceptions
are later noted). In the example of Fig. 5, predominantly grain-boundary crack
segments initially overlap around several grains to form the intact *‘island’* or
ligamentary bridge of material. Subsurface viewing shows that the apparently
isolated surface-crack traces actually connect at depth, With further loading (Fig.
5tb)). both the amount of crack overlap and the amount of secondary microcrack-
ing within the span of bridging material increase, Eventually, the final fracture
surface (Fig. 5(c)) takes a completely different, often transgranular, rupture path
through the bridging segment. Ruptured bridges sometimes produce complex
interlocking fracture surfaces which subsequently undergo additional microcrack
damage and specimen-debris production by frictional-interlocking tractions (e.g..
Fig. 4).

As Figs. 4 and 5 illustrate, standard optical reflection microscopy techniques
are sufficient to study the structural evolution of fractures in medium-to-large-
grained materials, In the finer-grained aluminas (Fig. 6). resolving crack structure
is difficult. Even simple determination of the crack-tip location in reflected light
(upper photo) is difficult. However, by illuminating the translucent sample with a
spot source of light placed adjacent to the fracture trace and viewing with crossed
polars, the light scuttered from the fracture interface throughout the near-
subsurface region provides an estimate of both the crack-tip location and
traction-zone length. In the two fine-grained alumina materials (AD999 and FF),
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Fig. 5. Ligamentary-bridge formation and rupture in alumina (Vi). This
single bridge site is 0.4 (a), 0.7 (b) and 4.7 mm {c) behind the advancing
crack tip.

a gradual transition in the light transmission/reflection characteristics was ob-
served as the illumination source was translated parallel to the fracture trace.
When positioned well ahead of the crack tip, there was maximum light transmis-
sion. When the light source was placed adjacent to well formed segments of the
fracture, there was maximum reflection. The transition between these extremes
extended over 100 to 150 wm for both fine-grained aluminis (3 and 5 pm grain
size). Similar side-scan illumination measurements on glass show an abrupt
transition between maximum reflection and maximum transmission. The transi-
tion zones in the polycrystals therefore are interpreted as representing a measure
of the interface-traction-zone length. Since both traction sources {Fig. 2) allow
partial transmission of light, it was not possible to distinguish beiween the two
using this technique. | .

Greater detail of fracture-trace (eatnres is available in in situ SEM experi-
ments, Unfortunately, two significant advantages are lost. First, subsurface
observations in optically translucent materials are no long >r possible, Secondly.
the applied stress-intensity range over which moisture-cnhanced slow crack
growth takes place is reduced in the SEM vacuum. This makes controlled crack
growth experiments more difficult to perform. One unanticipated advantage of the
SEM technique is related to the need to provide a conductive coating on poor
electrical conductors, When the crack breaks through the gold surfuce coating. the
pourly conducting ceramic interior is partly exposed to the electron beam cuusing
charging. Intact-material bridges. on the other hund. remain couted and relatively
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Fig. 6. Reflected light (top photo) and side-scan illumination (bottom

photo) of fracture in fine-grained alumina (FF). Gradual transition
(100-150 um) from maximum to minimum light transmission gives
indication of interface-traction zone lengths.

Fig. 7. SEM micn:ograph of intact interfacial ligaments left behind
advancing fracture front in cordierite glass-ceramic (PC).

dark. and therefore readily recognizable, Several examples of ligamentary bridges
observed in an experiment on the cordierite gluss-ceranite are shown in Fig, 7.
Similar interfuce traction activity, including fnetionsinduced microcrack damage
and particle-debris production, also was obsersed 1o varying degrees in the other
glass ceramics. Ligumentary bndges encompassing many particles (Fig. &)
occusionally persisted for up to o millimeter behind the advancing crack tip in

these materials.
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Fig. 8. Large ligamentary bridges left 1 mm behind crack tip during
fracture of glass-ceramic (PC) in the SEM.

interface-Traction Formation .

Contained within the morphology of a fracture surface is the convolution of
the spatial variation in resistance to fracture and the stress state present during the
fracturing process. This fundamental tenet of fractography holds whether one is
investigating fracture on the scale of single crysials, planetary bodies, or
centimeter-size structural-ceramic components. In consideration of the sequence
of events leading to interface-traction formation, our scale of interest lies within
the scale of the microstructure. At this scale, the resistance to fracture and the
stress field are not simply describable in continuum terms; both quantities vary
considerably as a function of position resulting in significant de(lection of the
crack tip on this microstructural scale. Although geometrical shielding by crack
deflection is considered a source of toughening by itself.? it does not account for
the long range nature of rising R-curves observed in large crack-fracture
mechanics tests.” We emphasize instead. in the following discussion and presen.
tation of additional supportive observations, the role that local crack-tip deflection
plays in developing conditions leading to both fracture-surface interlocking and
grain-scale ligamentary bridging.

Geomaetrical Interlocking

Substantial crack deflection, as idealized to an extreme in Fig. 2(a), is
essential for developing interlocking fracture surfaces. Note how the degree of
interlocking. for constant fracture surface roughness. depends sensitively on the
long wavelength curvature of the crack-opening profile. Simple translation of
these rough inating surfaces in the direction of the crack-plane normal (Fig. 2(a})
does not lead to mechanical interference as does rotation about the crack tip or
crack opening accompanied by finite curvature. This observation suggests a
sensitivity of this crack-resistance mechanism to fracture-test geometry (discussed
more {ully in the next section).

Several other factors which may act to impede fracture surface separation
include: (1) the locally heterogencous nuture of elastic strain on the grain scale: (2)
inhomogeneous shape und volume chunges ussociated with localized release of
residual thermoelasticrelastic strain: (3) inelustic deformation: and (4) the block-
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Fig. 9. Interaction between fracture and large pore in alumina (VI) leads
to strong crack deflection and subsequent interface damage: (a)
reflected-light micrograph of crack trace and tip of pore on surface, (b)
transmitted-light view of (a), () transmitted-light view 40 pm below
surface, (d) interface damage and debris production produced after one
additional mm of propagation (rellected light).

age. by trapped specimen debris, of local fructure-interface segments undergoing
shear displacement.

Crack-tip deflection is not restricted to the scale of individual particles. If the
macrofracture **feels’ the influence’ of microstructural features of larger scale
(e.g.. clustering of ceramic particles in the glass-ceramics) or distributed features
of low volume-fraction (c.g.. dispersions of second-phase inclusions or processing
defects), crack deflection may occur on a larger scale. An example of crack/
microstructure interaction and deflection on a scale larger thun individual particles
is shown in Fig. 9. The upper reflection micrograph fa) skows a fracture surface
trace in the coarse-grained alumina. This particular alumina contains a low-volume-
density dispersion of large pore-like processing defects up to 100 wm. The tip of
one of the preexisting volume defects intersects the sample surface approximately
80 pm away from the trace of the arrested fracture tip (Fig. 9(a)). Figure 9(b)
shows the same field of view in transmitted light. By focussing 40 pm below the
sample surface (Fig. 9(c)). one sees an abrupt localized deflection of the crack into
the main body of the approximately S0-pm wide defect. Upon intersecting the
massless pore. the cffective fracture-tip deflection has instantly increased to a
150-pm-wide lateral excursion. leuding to a signficant perturbation in the fracture
surface topography. Figure Yrd) itlustrates the ultimate result ot this fracture-path
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Fig. 10. Development of twist-hackle fracture markings by addition of
mode-lll load to initial tensile fracture (after 10-12).

deviation in a reflection micrograph of the surface after ceveral additional
primary-crack extension increments. The extensive interface damage occurred
when the fracture tip was located | mm to the right of the local deflectjon site.

By all outward appearances, the interface damage was associated with
geometrical interlocking and subsequent friction-induced debris production, How-
cever, as mentioned earlicr, it was not always possible to differentiate between the
two traction sources with complete certainty. Nevertheless. it is quite apparent that
localized deflection associatess with crack/microstructure-interaction can lead to
significant interface damage and additional consumption of fracture energy over
and above simple geometrical-deflection (apparent) toughening.

Ligamentary Bridge Formation

The brittle-materials fractography literature contains few references (o
morphological features associated with frictional interlocking. There are, how-
ever, many references to the concept of ligamentary bridging. In the following, we
contrast examples of ligamentary bridge formation found in simple materials, such
as glass, with examples found in the relatively complex materials of the present
work. Using these comparisons, we argue that no new mechanisms are needed to
explain ligamentary bridge formation in the polycrystals. The mechanisms
previously identified in postmortem studies of simple material systems are still
active in the polycrystals: they are only more difficult to recognize because of the
complexity of the fracture morphology.

Table I lists several fracture-surface markings (hackle) associated with
ligamentary-bridge formation and rupture in simple inaterial sysiems. (We exclude
from consideration hackle markings defined by the special dynamic-fracture
sequence of mirror, mist, and hackle.) The best known fracture marking
characteristic of applied-stress-induced ligamentary-bridge formation is **twist
hackle.""'9-!2 This distinctive fracture morphology (Fig. 10) is produced when an
initially tensile fracture is split into parallel, offset, finger-like cracks upon
encountering a component of macroscopic antiplane (mode-I11) shear stress. The
cchelon array of segmented cracks is held together by adjoining intact ligaments
which trail behind the advancing fracture front and provide an increase in the
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resistance to fracture. Upon complete separation.the resultant fracture surface
markings, or traces of (wist-hackle steps. are parallel to the direction of crack
propagation. The markings are so named because the racture, upon encountering
the macroscopic mixed-mode stress field (generally a combination of modes -1,
-Il. and -Iil). **twists** into an orientation perpendicular to the new principal
tensile stress direction,

Examples of wwist-hackle markings are found on a variety of scales. from the
surfaces of secondary (and lesser) twist-hackle-step markings on ruptured ligament-
ary bridges in laboratory samplcs of glass'® to kilometer-scale fractures in rock
formations of Earth's crust.'* As a coresponding example in the present
investigation, Fig. 11 illustrates macroscopic crack-plane segmentation in a
WLDCB specimen of fine-grained alumina initially subjected to a complex
mixed-mode stress field. The exact combination of mixed-mode loads in this
predominuntly-tensile fracture experiment is not known; the nonuniformity re-
sulted from loading with a damaged wedge surface. Note the consistent left-
stepping of the crack traces in this example (crack tip is 5 mm to the right of
bridging site). The consistency indicates that the source volume of the mixed-
mode loading was at least as large as the volume encompassing the segmented-
crack arrays i.c.. it indicates the remotely applicd nature of the mixed-mode field
in the example of Fig. 11,

With uniform applied load. both left-stepping and right-stepping individual
ligamentary bridges were observed (Figs. S=7). The size of the ligaments ranged
from the subgrain to the multigrain scale. Bridges of microstructural particle
groups, because of their large size, often survive greater crack-opening displace-
ment than smaller bridging sites and hence remain intact for greater distances
behind the advancing crack tip. This makes them casier to detect than therr
smaller. mere numerous. counterparts closer to the crack tip.

After observing several multigrain ligamentary bridges (comprising tens of
grains) form and rupture in one ol the fine-grained alumina (FF) specimens using
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Fig. 11, Crack-plane segmentation in fine-grained alumina (FF)
subjected to unintentional, but repeatable, macroscopic mixed-mode
loading. Consistent left-stepping crack traces interpreted as twist-hackle
fingers locally propagating normal to sample surlace.

optical microscopy. the fractured surfaces were examined by SEM. The large
bridging sites left either a strong localized depression or a protrusion in the fracture
surface topography and were often associated with loosened specimen debris (Fig.
12). In addition, anomalously lar5e fractured grains of alumina and’or spinel were
found near most of the large bridging sites. but these did not, in the examples of
Fig. 12, actually scrve as the ligaments themselves. A systematic relationship
between anomalous-particle position and ligament geometry has not yet been
established. At this time only their close spatial proximity and similar size are
noted. The preliminary interpretation of these observations is that the bridging
ligaments formed as a result of local mixed-mode interaction (in particular.
modes-I and -11I) between the stress field of the advancing fracture and the nearby
anomalous heterogeneity in the microstructure. For bridging to occur in this
fashion, the mixed-mode field must maintain continuity over a volume ot least as
large as the (initial) ligamentary bridge.

Another example of mixed-mode—siress-induced disruption of the crack
plane leading to interface traction was twice observed when a fracture in the
coarse-grained alumina propagated between two large, closely spaced processing
defects without actually intersecting them (Fig. 11 in Ref, 3). As these events
were observed in the interior of the specimen, the 3-dimensional details of the
disruption which led to the interface traction activity are not clear. What 15
apparent from these observations is the close association of the initial stress-ficld
interaction between the primary crack tip and a microstructural element exhibiting
an unusual stress boundary condition (large pore or anomalous grain) and
subsequent crack-interface truction uctivity,

Bridging ligaments in the glass-ceramics also were occasionally observed to
spun a volume considerably in excess of &t single microstructural particle (Fig. 8).
Anomalously large crystalline particles were not evident in the microstructure as
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Fig. 12. SEM micrographs of alumina fractur2 surface (FF) in vicinity of
large individual bridging sites (polished surfaces at top of figures). Initial
ligamentary bridge in () is marked by debris {ragment consisting of
approximately ten grains. Partial ligamentary bridge (b) left as debris
fragment in local depression. Note anomalously large fractured grains
(alumina/spinel) near bridging sites.

observed in the alumina. It is conceivable, though, that local inhomogeneous
mixing of the crystalline particles provides a larger-scale structure that plays some
role in developing large bridges.

Other large-to-intermediate ligaments in the glass-ceramics were observed 10
form during, or immediately after, the incrementing of the load, usually following
long periods (hours to days) of sustained subcritical crack growth (also observed
10 a lesser extent on the grain scale in the aluminas). Although possibly
attributable to subtle differences in the applied stess field experienced by a crack
propagating under {ixed-grip (fixed-displacement) vs increasing-load conditions.
the consistency of crack stepping expected with such load adjusiment was not
observed. Of potential importance in explaining this observation is the shear stress
contributed to the crack tip field by the nearby interface tractions. Although
macroscopically the net mode-1l and -lll fields average to zero. the traction
sources close to the crack tip provide strong contributions to all three fundamental
displacement modes (-1, -I1, and -111). By opening the crack after propagating
under ftixed-grip conditions, the various components of local crack-interface
traction are abruptly modified. giving rise to relatively sudden change in the local
mixed-mode field. Locul segmentution may thea occur in regions experiencing
appropriate components of mode-1 and -111 stress,

Grain-scale bridging (Figs. 5 and 7) appears to contain the sume elements that
lead to “"wake hackle™ or “inclusion hackle™ formation in simple nuuerial
systems. These fracture markings form as follows:"™ =" Upon encountering
heterogeneity (second-phase inclusion, anomalous grain, ete.) in an otherwise
unitorm material {ghs, single crystals. very-fine-grained ceramic, ete.), i
macroscopic tensile fracture is locally detlected due to the perturbauon of the hocal
stress field andior the variation i the local resistance o tracture, Localized
detlection around the particle boundury often results 1 propagation along separate
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Fig. 13. Fracture lances (a-c), Remnants of trailing ligaments produced
in glass after {racture interacted with heterogeneous structure (local
propagation to left). Delicate, 3-dimensional lance structure (a) is subject
to interface-localized microcrack damage (b, c) by frictional tractions.

noncoplanar segments. Merging of the split fracture front does not immediately
follow circumvention of the particle. Instead. the segments of the fracture
propagate in an offset, nearly parallel, fashion for a short distance. leaving &
trailing intact ligament (tail} adjacent to the heterogeneity.

The heterogeneity may or may not serve as a restraining ligament, For
example, the trailing ligament structure shown in Fig. 13(a) (known more
appropriately in the postmortem state as a hackle step or. in this particular case.
a fracture lance)'! was produced when a macroscopic mode-l crack in glass
encountered a scratch placed on the sample surface with a diamond scribe,
Interaction with this heterogeneous structure, i.e.. scribe-induced damage and
auendant residual stress, led to propagation along nearly parallel overlapping
crack segments (local propagation is to left in photo). Formation of a ligamentary
tail is accomplished without the pinning effect of a **tough™ inclusion. We also
note that the topographically-rough hackle-step features (lances) are susceptible to
further damage by geometrical interlocking and friction-induced microcracking
(Fig. 13(b) and (c)), particularly during slow crack growth or cyclic fatigue
conditions. '*

It thus appears that the grain-scale ligamentary bridges observed are examples
of the polycrystalline form of the inclusion/wake-hackle phenomenon. Appropri-
ately situated grains. or combination of grains and other microstructural features,
provide the initial mixed-mode deflection conditions conducive to propagation on
locally noncoplanar segments. If fracture is predominantly intergranular, the offset
und oceasionally overlapping segments are sepurated by individual grains which
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constitute the imuial bridge. Subsequent tanl formation is restricted tor enhanced)
by the adjucent microstructural-seale fracture properties and stress conditons,
This type of grain-scale ligament formation and rupture has been suggesied (o be
responsible for plumose structures found on large-seale fracture surfaces of a wide
variety of polycrystaliine rocks.'™ The widespread occurrence of these fraciure
surface markings, especially well recognized i the field of structural geology,
imphes that this grain-scale source vf erack-interface traction is commonplice in
these polyerystalline matenals,

Crack-plane segmentation on the subgrain scale (Table 1) is associated with
transgranular (racture in single crystals which readily split along cleavage planes.
When a cleavage-plane crack is subjected to applicd mode-l loading. it usually
propagates on multiple offset planar segments as a result of intersecting serew
dislocations.'?*"* Cleavage-plane seginentation also occurs under applicd mode-li
mode-III conditions, and when transgranular fractures in polyerystals encounter
grains of different orientation.!” The restraining effect of the cleavage-lated
ligaments in single crystals has long been appreciated. '™V

Influence of Interface Tractions on Macroscopic Fracture

To demonstrate how interfase tractions influence the macroscopic response of
fractures, we model the traction sources as point or line restraining forces acting
symmetrically across the fracture surfaces. In a fashion similar to the classical
*‘thin-zone"" models of Dugdale and Barenblaw,! we start with a sharp.
two-dimensional, mathematically-flat, traction-free crack and then add 1o the
surfaces the counteracting net normal forces supplied by the tractions, Although
the crack-plane forces oppose the action of the applied loads, we do not require
them to cancel the singular field. The stress intensification experienced by the
primary crack tip is then expressed as

Kl((ip) = K|(3ppl) + K]((mC) “)

The Ki(appl) is the conventional applied stress-intensity factor, o, Va, where o,
is the remotely applied tensile stress and a is the primary-crack half-length. In this
particular application, Ki(trac) is negative, or resistive, and is determined by
integrating the restraining forces over the traction-zone length, x;, through the use
of an appropriate Green's function G(a.x).2! Note that x, increses from zero. for
a traction-free crack, to the steady-state value characteristic of 2n equilibrium
traction-zone length. For convenience, we consider the restraining forces to be
continuously distributed and representable as stresses 0),(x,0). acung at a position
(x.0). The Ki(trac) becomes

K\(trac) = ~J_ G(a.x)o", (x.0)dx Q)

From the perspective of the experimentalist who measures an R-curve (o, V 7a vs
Aa) we obtain

(]
Kgtappl) = Kjellip) + f .'G(n._\')u'“.(.t'.O)ll.\' 3}
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where Aptappl} is the value of Ki(appl) necded to extend the crack and Kyc(tip) is
an averaged grain-boundaryisingle.crystsl toughness, considered here (o be an
inherent propenty of the material,

ln describing an R-curve with Eq. (3), an increasing resistance to fracture
with erack extension can be associated with an increase in Kj(trac) without an a
priori need to invoke changes in the fundamental hond nipture processes
(dezcribed by Kycltip)) acting at the advancing fracture front. The R-curve
measurements show that Ay(trac) can be as great as four to five times Kyc(tip) in
certain alumina ceramics.** The magnitude of K\(trac), of course, is dictated by
the magnitude of «,, and 07,(x,0) is. in trn, governed by the density of traction
sites and the specific restraining-force/crack-opening displacement relation devel-
oped at each traction site. The force-separation relation ¢ akin to cohesive-force
“lav.s"" in atomic-scale fracture models.'

From the examples of bridging and interlocking shown in previous sections,
it is apparent that there is no single force-separation law at work on the
microstructural scale in any one material, For example, large ligamentary hges
maintain restraining forces over larger crack-opening displacements than grain-
scale or subgrain-scale bridges. However, for purposes of discussion, we consider
there to be a single **effective’ or averaged force-separation law specific to each
material, which accounts for all sources of traction. This allows us to describe the
average local restraining force according o the average local displacement (ay,, =
@ (Wx)). Since the local crack-opening displacement is dependent upon both the
applied K; and the integrated effect of the interface tractions, the traction-zone
length and force-displacement law are not independent. This leads to a nonlinear
singular integral equation for K)(trac), solvable only by numerical techniques.®® A
quantitative solution is not pursued here. Some recent literature describes similar
cohesive-zone approaches to modelling fracture in rocks,** concrete.** compos-
ites,*® and ceramics.>’ We use this approach not as a pragmatic way of
determining engineering toughness parameters, but as a simple analytical tool for
incorporating the effests of microstructure into the mechanics analysis—even if
only qualitatively—and assessing the response of macroscopic fractures.

In separating the mechanics into crack-tip and crack-flank terms (Eq. (3)).
the question of characterization uniqueness immediately comes to mind. By
admitting the existence of R-curve behavior, we have already given up the
standard one-parameter (K c(appl)) description of fracture, **Is there a unique K
versus da relation?" To answer this, we must first appreciate the conditions under
which the single parameter K, is adequate for describing fracture at any crack
length. Conventional, engineering fracture mechanics philosophy dictates that
fracture toughness measurements be obtained from tests in which the influence of
specimen size and/or geometry is removed from the fracturing process.** so that
the toughness measurements are **valid'* or material specific. Satisfaction of the
small-scale inelastic deformation requirement. or confinement of the material-
breakdown zone (o a region which is small ia comparison to pertinent specimen
dimensions (¢.g.. xJa < 2%). is necessary for this condition.*® As long as x/a <
2%, the applied X, is tuken to represent the intensity of the elastic ficld
surrounding the entire material-breakdown zone and the resulting toughness
measurements, for a give crack Iength, are independent of sumple geometry.

In the present experiments, we have found several instances of gross violation
of the small-scale breakdown mssumption (i.e.. x/a approaching 100%). Under
these condinons, the magnitude of Kytrac) becomes a strong function of the
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crack-opening profile produced by the particular specimen geometry, This
wiltuence can be accounted for it the crack-openming profile. the forcesseparation
luw and the appropriate Glae) are Known, The measured R-cunve, however. i
tll inherently dependent upon specimen geometry,

Under small-scale breakdown conditions, where specimen-geometry effects
ure absent. there is still another complication which mukes the Ky v» da curve
nonunique. This is the effect of crack-opening displacement history, Because the
uct of surmounting interface tractions irreversibly consumes fracture energy. there
is no one-10-one relationship between crack-opening displacement und interfuce-
traction magnitude (i.e.. o}, is hysteretic). Consequently, even if the force-
separation law is known exactly, it is still necessary to Know details of the
crack-opening history to determine Kj(trac) and hence the driving force experi-
enced by the primary crack tip. This strongly suggests that the R-curve is nor an
inherent property of these materials: in general, it is nonunique. depending upon
the extrinsic variables of crack length, crack-opening displacement and crack-
opening displacement history.

Without a quantitative measure of the force-separation relationship. the form
of the R-curve cannot be predicted quantitatively, even under monotonic loading
conditions. Nevertheless, it is instructive to formulate qualitative predictions of
macroscopic behavior based upon assumed forms of the force-sepiration law or
the resultant o, (x,0). In this fashion, we can reconcile the observation that each
of the materials investigated exhibited crack-interface traction activity. but each
did not exhibit R-curve behavior. The exercise also emphasizes the importance of
determining force-separation relationships quantitatively for different individual
traction sources and/or for material samples as a whole to establish **effective’”
force-separation laws.

Two equilibrium crack-interface traction distributions are shown schemati-
cally in Fig. 14. The tractions are in equilibrium in the sense that the mugnitude
of K\(trac) remains constant with crack extension. Other pertinent muteriul
properties such as the intrinsic grain-scale toughness (Kc{tip)) and the density ot
individual traction sites are taken to be identical, the only difference being the
functional form of the force-separation law associated with the unspecitied truction
source. The traction-zone lengths, x,, are identical, but the shielding provided by
material 8 is significantly greater than that provided by material A. Consequently,
material B exhibits a higher steady-state crack-growth resistance ut the top of the
R-curve. Obviously, mere detection of long lengths of crack-interfuce traction
activity (Fig. 14) by itself does not imply significantly increased resistance to
fracture; there must be significant energy consumption. Two illustrative examples
from the microscopy experiments can be cited here.

The fine-grained aluminas exhibited traction activity persisting for roughly
equal distances (100150 um) behind the crack tip. According to Cook et al..*
one alumina (AD999} exhibits significantly greater R-curve behavior than the
other (FF). From the simple interface-traction fracture model (and assuming
everything else equal,, we would associate the AD999 and FF with traction
distributions 8 and A, respectively. Similarly, the mica and cordierite gluss-
ceramics exhibited roughly equal traction-zone lengths for long cracks under
monotonic loading but one (MA) exhibits R-curve behavior and the other (PC)
does not.™ Thus, the need for direct measurements of the foree-displacement
relations associuted with various traction sources is clear, Simple visual exami-
niation. us essential as it is, is aot by itself sullicient for this task,

The interfuce-traction concept also provides a rationad explanation for some
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Fig. 14, Two hypothetical initerface-traction (o;.‘,(x.O)) distributions
associated with different force-separation “laws.” (a) and (b) have
Identical equilibrium traction-zone lengths, x,, but (b) exhibits much

stronger R-curve behavior than (a).

of the observed inconsistencies in fracture mechanics parameters used to describe
subcritical crack growth, It is well known that experimentally-determined **con-
stants'* in the empirical relationship between applied stress-intensity factor and
crack velocity (v = voK7) often depend upon specimen geometry and/or
technique.’! Agreement between subcritical crack growth parameters obtained by
different methods or sample georr~tries is found in only a select few, very
homogeneous. materials such as certain glasses, glass-ceramics, and some very
fine-grained (<10 pm) polycrystalline ceramics.** Pletka and Wiederhorn®! have
suggested that this inconsistency is due in part o increasing resistance to fracture
with crack extension.

Pletka and Wiederhorn® and others also note that when using the
double-torsion relaxation technique to determine v-X; data in many common
polycrystalline ceramics, the data often do not define a single v-K; relationship.
Similar observations of nonuniqueness in force-relaxation measurements (relax-
ation rate assumed proportional to crack extension rate) in polycrystals have bean
noted by this author.’® Using nondestructive testing techniques, the force
relaxation was shown to be produced not only by extension of the erimary crack
but also by lime-dependent adjustment of the interface tractions.'® The above
observations are consistent with the assumed crack-history and test-geometry
dependence of the interface-traction magnitude Xj(trac).

Conclusions

In situ microscopy observations have been made of the stable crack-extension
process in six different alumina and glass-ceramics of varying R-curve character-
istics. No evidence of a diffuse cloud of microcracking distributed ahead of the
primary crack (ip, as predicted by critical-principal-tensile-stress-based
microcrack models, was found 1n any of the materials using these technijues.
Localized microcracking was observed as far as 100-particle dimensions behind
the crack tip and was associated with overcoming crack-interface tractions.
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Crack-interfate teactiony were provided by (1) frictional or geometneal mterlocks
ing of the rough fracture surfaces and (2) hgamentary bridging by intactislands of
material left behind the advancing fracture front, The hgamentary brdging
appears to represent the development of the polyerystalline forn of twist,
inclusion/wake, and cleavage hackle,

Through the use of simple fracture mechanics concepts, the macroscopie
(racture response was shown to be related to the restraining-force action of the
traction sources and the extrinsic variables of crack length, crack-opening
displacement, and crack-opening displacement history. Using this approach, the
interface-traction mechanism was shown to provide a rational explanation for both
R-curve behavior and the inconsistency in subcritical crack growth data observed
for these materials,
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Liquid-Phase-Sintered Alumina
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The effects of heat treatment on the R-
curve (crack-resistance) behavior of a
commercial liquid-phase-sintered
(LPS) alumina have been studied us-
ing the indentation-strength test. An
enhancement of the R-curve charac-
teristic of this LPS alumina is 0b-
tained by a treatment that increases
the scale of the microstructure. The
enhanced R-curve characteristic leads
to the desirable property of flaw toler-
ance, ulbeit at the expense of a dimin-
ished strength at small crack sizes.
The implications of these findings are
discussed with reference 1o processing
and design strategy. {Key words: alu-
mina, sintering, cracks, mechanical
properties, strength.}

EVERAL workers have reported that the

toughness of liquid-phase-sintered
(LPS) aluminas can be improved by suit-
able heat treatments.'™ Those workers at-
tributed the changes to modification of
residual thermal expansion mismatch
stresses or to crystallization of the amor-
phous intergranular phase. Such claims
deserve detailed attention because they
open up the prospect of tailoring mechani-
cal properties via simple heat treatments.

Implicit in these previous swudies,
however, is an assumption which is now
known to be restrictive; i.e., that the
“toughness” is a single-valued material
quantity. Recently it has been shown, us-
ing indentation~strength®’ and double-
cantilever-bcam®* techniques, that the
toughness of alumina (and other) ceramics
is not generally single-valued, but tends to
incrense with increasing crack size (R-
curve behavior). The extent of the in-
crease is found to depend critically on the
microstructute, with the grain size and
the nature of the intergranular phase the
apparent controlling parameters.

The form of the R curve has signifi-
cant implications for structural applica-
tions.'" In particular, flaw tolerance
becomes an important design factor. One
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interesting feature of the alumina data
collected by Cook er al.¥" is the tendency
for the R curves to cross cach other, corre-
sponding to an inverse relationship
between large-scale and small.scale tough-
ness values (a result of special conse-
quence (0 wear resistance™). Hence, in
cevaluating the significance of toughness
“improvements,” it is important to specify
the crack size range over which measure.
ments are made, In this context, we note
that the previous studies'™ of the effect of
heat treatrent on toughness were genere
ally made at “large™ crack sizes: i.c., large
with respect 1o the scale of the microstruc-
ture, A complete assessment of the
changes in mechanical properties requires
a determination of the eatire & curve.

Accordingly, the aim of the present
study was to investigate the effects of
microstructural changes resulting from
simple heat treatments on the R-curve
behavior of a LPS alumina. We use the
indentation-strength technique because of
its special usefulness in the investigation
of R-curve characteristics at small as well
as large crack sizes.’

EXPERIMENTAL PROCEDURE

A commercial LPS alumina' contain-
ing ~10 wi% (~18 vol%®) intergranular
second phase was chosen for the study, The
samples were provided as disks, 25 mm
in diameter and 2 mm thick, suitable for
biaxial flexure testing.

Heat treatments (HT) of the as-
received material were conducted in air
using a MoSi; resistance fumace accord-
ing to the schedules in Table I. The aims
of the heat treatments were to (1) vitrify
the second phase without changing the
grain size (HT-1), {2) recrystalliz2 the in-
tergranular phase without changing the
grain size (HT-2), and (3) increase the
grain size with a controlled (vitrified) in-

tergranulac phase (HT-3). A heating and
cooling rate of 250°C/h was used for all
firings.

The [ollowing specimen characiens-
tics were determined: (1) the degree
of crystalliaity and composition of the
intergranular phase, using transmission
clectron microscopy (TEM) and energy-
dispersive X-ray microxnalysis (Xeray
EDS); (2) grain size, using scanning clee-
tron microscogy {SEM) with a lineal inter-
cept method;™ and (3) Lansity, using the
Archimedes method. The specimen char.
acteristics resulting from the heat treat-
ments are included in Table L.

. The prospective tensile face of cach
specimen was diamond polished to a 1-
um finish prior to mechanical testing,
Most of the disks were indented at the
face centers with a Vickers diamond pyra-
mid at contact loads of 2 to 300 N. Inden-
tations were made through a piece of
carbon paper to mark the contact sites.
Some specimens were left unindented as
controls. All indentations were made in a1
and the samples allowed to stand for
10 min. The biaxial strength tests were
made using a flat circular punch. 4 mmn
diameter, on three-point support, 20 mm
in diameter," A small drop of silicone oil
was placed on the indentations prior to
testing, and failure times were kept below
20 ms to minimize effects from static
fatigue. Strength values were calculated
from the breaking loads and specimen
dimensions using thin-plate and beam for-
mulas." " Care was taken to examine all
specimens after they fractured to verify
the contact site as the origin of failure,
Unsuccessful breaks were incorporated
into the data pool for unindexited controls.

RESULTS

Figure 1 plots the results of the me-
chanical tests of the various heat-treated

Table [ Heat Treatments Used for Liquid-Phase-Sintered
Alumina and the Resulting Material Characteristics

Anncal temp.  Time Grain size  Density
Matenal (*C) (hy (um)  (Mg'm ) Second phase®
As-received 4.2 3.61 AIC
HT-1 1600 8 4.8 3.63 A
HT-2 1600 8 4.8 3.64 C
1200 48
HT-3 1600 196 242 3.60 A

*A 18 amorphous and C 1s cnystathine
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Fig. 1. Results of the indentation-strength tesis for alumina
specimens subjected to the heat treatments in Table 1. Open
symbols at left rcfteum strength values for specimens that
broke from natural Naws. Curves through data are fits to as-
teceived (dashed line) and HT- (50lid linc) materials: note
data for HT+1 and HT-2 materials are indistinguishable from

thote of the as-received.

aluminas, incrt strength, 0., versus in-
dentation load, P. Each point on the plot
represents the mean of at least 10 speci-
mens per load. The standard deviation for
¢ach point is =11%. (Error bars are omit-
ted from the plot for clarity.) From the
fractare-mechanics analyses based on a
crack-interface bridging model,"*'* the
flatcening of the response may be inter-
preted as an cnhancement of the R-curve
characteristic. The curves through the data
in the figure are best fits 10 the as-received
(dashed linc) and HT-3 (solid line) mate-
rials, respectively, from such analyses.
The results 1n Fig. |, in conjunction with

>

wf
S

-

the microstructural characteristics illus.
trated in the SEM photograph in Fig. 2,
enable us to deduce the effect of the heat
treatments on the mechanical behavior,
The as-received material has 2 grain
size of =4 um, as shown in Fig. 2(A).
The individual grains are surrounded by a
continuous second phase, which is par-
tially crystalline in form, Al the classical
features of a LPS material, such as wet-
ling of grains, pockets of amorphous
phase, and fscetted grain structures, are
evident. Microanalysis indicates that the
intergranular phase corsists primarily of
silicates of calcia, magnesia, and alumina.

Fig. 2. S.E.M. photographs of a liquid-phase-sintered alumina for (A) as-received matenal and
(B) following heat treatment HT-3 dcs‘gmd to increase the grain size. These specimens were first

polished, then thermally etched at 1500

C for 1 hin air to reveal grain structure. (Pockets of inter-

granular phase were removed by this preparation.) Note the sixfold increase in grain size in the latter
material. Faceting of alumina grains is apparent in both micrographs,
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Note from the dashed line in Fig. | that
the @ (P) respanse of this control matenal
deviates only slightly from the £ ' de.
pendence appropriate to a singlesvalued
toughness; t.e., the R-curve character.
istic for this particular matenal 1s not
pronounced.

Examine now the effects of changing
only the degree of erystallinity of the inter-
granular phase on the mechantcal behav.
ior by referving 10 the data for the HT-1
and HT-2 matcrials. Analysis by TEM
shows that the intcrgranular phases 1n
these two materials 3re, respactively,
completely amorphous and predomunantly
crystalline. However, the 0,12) data
points for HT-1 and HT-2 in Fig. |
are virtually indistingusshable from
the dashed-line fit for the as-received
material. Thus, in these two cases, the
effect of heat treatment on the R curve is
Insignificant.

The effect of increased grain size, on
the other hand, is significant, as scen from
the solid line {it for the HT-3 material in
Fig. 1. The scale-up in grain size, from
ved 10 »24 um, {s readily apparent from a
comparison of the morphology for this
material in Fig. 2(B) with the comrespond.
ing morphology for the as-received mate.
tial in Fig. 2(A). The HT-3 material
shows reduced strength at small indenta.
tion loads, with a distinctive plateau in
the @..(P) response in this region, and a
countervailing increase in strength at large
indentation loads, This third heat treate
ment has led to a noticeably stronger
R-curve behavior,

Discussion

The above results lead us to an im.
portant conclusion: the toughness proper.
ties of ceramic materials can be modified
by simple heat treaiments, For the alumina
material studied here, the most significant
modifications were achieved by a treat-
ment that coarsened the microstructure (al-
though the possiblility of a contributing
effect resulting from some subtle change
in the grain-boundary toughness cannot be
entirely discounted). More generally, this
means that one may be able to adjust
properties of as-received ceramic compo-
nents before placement in servize, In the
present case, the desirable [cature of Nlaw
tolerance Is obtained at the expense of a
decreased strength in the region of small
crack sizes (balanced somewhat by an in-
creased strength at large crack sizes). An
entanced R-curve chanacteristic may not,
however, always be beneficial, e.g., in
applications in which maximum resistance
to microfracture-controlled wezr and ero-
sion is a premium requirement.” We need
also be aware that the toughness properties
of ceramic components exposed to thermal
cycles may change, for better or for worse
(again, depending on the application),
during service.

It is interesting to consider the find-
ings here in the context of the previous
studies,'* where no attempt was made to
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define the operative region of crack swre.
Note that if our matenals were to have
been tested at a single, intenmediate crack
size, corsesponding to an . «ntation load
of =10 N, the change 1n R curve for HT-3
would have passed unnot.ced. Allerna.
tvely, tests by two scts of experunenters
operattng at extremes of large and small
erack sizes would have lead to totally ep-
posite conclusions, The danger of tough-
ness evaluations at a single crack sixe is
that any such perecived improvement for.
indeed, degradation) may all too casily be
miscanstrued as universal,

This still leaves unanswered the ques-
tion of the role of the heat treatment 1n re-
lation 10 the underlying mechanism of the
R curve, We alluded in the previous sec-
tion to toughening by bridging.'" In this
interpretation the increased crack resist.
ance arising from the scale up of grain
size may be attributed (0 an enbancement
of {rictional tractions associated with pull-
out of grains bridging tha inte:facial walls
in the wake of the crack tip. Residual
stresses arising from thermal expansion
mismatch'' could play an important role
in augmenting these frictional tractions by
“clamping" the bridging grains into the
alumina “mateix™. A detailed description
of this residual stress-induced friction
procass will be presented elsewhere,' It

seems that, contrary to eatlier sugges.
uons,”* the degree of erystallinaty is not
necessanly the pnnipal factor in deters
minng the fluence of such residual
stresses on the R curve, at least in the type
of LPS alununas studied here.
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Flaw tolerance in ceramics with rising crack
resistance characteristics

STEPHEN J. BENNISON®, BRIAN R. LAWN
Ceramics Division, National Institute o/ Standards and Technology, Gaithersburg,
Maryland 20899, USA

The stabiiizing influence of increasing toughness with crack size associated with a cumulative
closure-stress process (R-curve, or T-curve) on the strength properties of brittle ceramic
materials iv analysed. Three strength-controlling flaw types are examined in quantitative detail:
microcracky with closure-stress history through both the initial formation and the extension in
subsequent strength testing; microcracks with closure stresses active only during the sub-
sequent extension; spherical pores. Using a polycrystalline alumina with pronounced T-curve

behaviour as a case study, it is demonstrated that the strength is insensitive to a greater or
lesser extent on the initial size of the flaw, i.e. the material exhibits the quality of “flaw
tolerance”. This insensitivity is particularly striking for the flaws with full closure-stress history,
with virtually total independence on initial size up to some 100 um; for the flaws with only
post-evolutionary exposure to the closure slements the effect is less dramatic, but the strength
characteristics are nevertheless significantly more insensitive to initial flaw size than their
counterparts for materials with single-value toughnesses. The implications of these resuits to
engineering design methodologies, as expressed in conventional R-curve constructions, and to
processing strategies {or tailoring materials with optimal crack resistance properties, are

discussed.

1. Introduction
The mechanical characterization of ceramics con-
tinues 1o be based in large part on the traditional
notion of a single-valued crack resistance R. {or
toughness. T)'. An explicit prediction of any theory of
strength based on invariant R is that failure should
occur spontaneously from some pre-existent (“Grif-
fith™) flaw when a critical applied stress is reached.
such that the strength varies inversely with the flaw
size. This prediction is the cornerstone of nearly all
non-destructive evaluation of structural ceramics. It
has resulted in a strong movement toward a processing
philosophy of flaw ¢limination [1-5], in which system-
atic efforts are made to remove all potentially severe
flaws. It is. therefore. not difficult to understand why
“flaw sensitivity” has remained the most pervasive
concept in the entire theory of the strength of ceramics.
The recent realization that many ceramics display
an increasing resistance with continued crack exten-
sion [6). so-culled R-curve (or T-curve) behaviour.
requires that this philosophy be re-examined. Materials
with significunt R-curves do not fuil spontaneously:
ruther, the criticai flaw first grows stably, often over a
considerable distance, before fuilure ensues [6-12).
This enhunced stubility imparts o certain “taw

tolerance™ to the material. because it is the final. not
the initial, size that determines the instability. Such
tolerance is of great benefit 1o the structural designer.
because of a tendency to increased reliability (increased
Weibull modulus [13. 14]) coupled with a reduced
sensitivity to subsequent damage in service (7). It also
offers the attractive prospect of 2arly detection by
non-destructive evaluation {11). Most importantly.
perhaps. it reduces the onus on the ceramics processor
1o fabricate full-density and defect-free materials.
One of the most useful methodologies for examining
the influence of R-curve behaviour in the context of
flaw instability is that of indentation-strength testing.
where the strength. g,,. 1s determined as a function of
indentation load. P[7. 11, 12]. The R-curve is manifest
as a deviation of o,, from the clussical P='? depen-
dency for materials with fixed toughness to a distinctive
plateau at low indentation loads. By deconvoluting
the a,, (P) data set, the R-curve can be extracted {12].
For materials with strong K-curve characteristics the
low-load plateau often apprars 1o correspond to the
strengih for failure from processing defects [7). Despits
this demonstrated correspondence there is it wide-
spread perception in the ceramics fracture mechinies
community that indentation Naws, by virtue of their
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“artiticisl” orgm, cannot e representatline of the natu-
ral law population; und, therefore, that the kitter are
ot subject to the stabilizing influence of ine R-cure,

In this paper we evamine the effict of Rcune
chitracteristios on the strength response for some well
detined mtural flaw tpes: sharp microcriachs of some
grainefacet dimensions with i full R-curse histors: the
sume but without any R-curve history prior (0 exten.
sion: relatively large-scale processing pores, We use
indentiution-strength data on a4 spexitic course-grinned
alumini 10 Stublish the toughness characteristivs, and
invoke 4 busic R-curve instability condition t deters
mine the vuriation of strength with initial fuw size for
the various flaw types in this same matenial. The R-
curve mechanism in our selected material is identili-
uble a5 grain-loculized bridging behind the crack tip
{9-12. 15): however. our statements concerning the
mechanics of flaw response will be of u general
nature. It will be shown thut the natural flaw types do
indeed axhibit the same kind of tolerance us their
artificial indentation counterparts, In arniving at this
conclusion we shall dwell on some of the pitfulls that
can arise from widely used R-curve constructioas that
represent the flaw size as a negative intercept of the
applied loading function on the crack-size coordinate.

2. Fracture mecninics for flaws in
materials with T-curve
characteristics

2.1, General conditions for crack equilibrium

and stability

We begin by defining a general ret siress intensity

factor. K. for a uniformly stressed equilibrium crack

in a material with R-curve charucteristics [6]. We
write it as the sum of two terms, an external uniform
applied stress term, K,. aud an internal micro-

structure-associated closure stress term, K,

K(c) w K(c) + K,ic) = T, (la)

where T, is an intrinsic toughness, and c is the crack
length. Or. alternatively,

Kic) = Tu+ T(c) = Te)  (Ib)

where 7, = ~ K, may be regarded us a positive con-
tribution to the toughness. With this definition of a net
toughrness. T (the stress intensity equivalent, K, = T,
of the resistance term ussociated with the mechanical
energy release rute, G, « R). we adopt the ierm 7~
curve” to describe the size-dependent resistance
characteristic,

Consider now the condition for instability [6]. For
T, = conslant we require the condition

dhide 2 0 (2u)
to be sativlied in Equation L, or, equivalemly,
dh,de 2 dTde (2b)

w fygustion T, This fatter is the tangency condition s
twe nhar B-ctieve construchon,

Wi now cotnter the sicromechunies of Tailure tor
three ditlerent Haw (ypes i a matenal with 2eurse
due to grnndocalized bradging at the erieh mterfuee,

- . e .
i
~0-0-0=0~0==0=0=0-0-0 -
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Frrwee | Schematic deaning of Raw types considersd in this study:
a) evicrocrachi with full Tcueve history, de. subint 1o hewdging 1n
mtial evolution 1 ¢ = ¢, ax well a4 in subayquent Satension At
« > & bl mivrocrachs withost say Tecwrse Miatos inusolutiog to
¢, o 0 cicnion, but subixt 1 Toune in subwyuent
CUCALION 1= > 132 {C) Porct SubiCt I 7T utve it Salenvion s > A

Squarcs reprosest bridging gruing, mean scparation o “haded
Squarcs are activaled Beidpes: open squares ure potcntial bridges.

a mechanism identified as pertinent to a wide range of
non-trunsforming cerumics (9, 1S;.

2.2. Microcracks with full T-curve history
Consider first a sharp-crack fluw whose inception und
subsequent evolution tukes place entirely in the inter-
faciul closure-stress field responsibde for the T-curve,
Fig. lu. This might be expected 10 be 1 most common
stute for microcracks with histories unfuvourable to
the relaxation or destruction of the attendunt bridging
clements: e.g. Maws developed during the final stuges
of. or even after, processing. We seek to charucterize
the response of this flaw type in a subsequent strength
test, und thence to determine the dependence of the
strength on the “initial" (pre-test) microcrack size. ¢..

Start with the upplied stress term. K,. For u fluw
normal 10 the applied tensile stress this term has the
familiur dependence on the crack size. ¢ (6]

K(c) = ya,c'? (¢ 3 ) (3

where ¢ is 4 geometrical constant (= 2-x'* for penny
crucks),

The K, term is derived from the mechanics ol cruck-
interface bridging for penny-shaped cracks [12]. As
the crack begins to extend from the initial Aaw, bridg-
ing clements are activated over the entire ares of the
crack beyond intersection with the first bridge at
¢ = o, i.c. over most of the initial, as well as all of the
subsequent arex regardless of the value of ¢,. The
attendant restraint stabilizes the eruck growth. The
build-up of interfucial surtace traction prevails until,
ataerack size e = ¢, . the bridges furthermost = ° - *
the advancing tip kegin to rupture, at which r o
bridge conliguration transkites with the tip m steady
stitte. Dernation of the K, term therehy imvolves mie
erstion of the underling (contmumm approsimation)




streas-separation function tor the bedging clersnts
withind € ¢ € ¢, [10]. Because this bridging term is
negative, we adopt the 7, notation of Equation b,
thus {12}

Tle) = O (¢ <)
TA¢) = (T, = T)
% 1w e e 06 = dipeted = @) N,
(d < ¢ <r,) (4b)
Tie) = T, ~ T, (c>¢,) (de)

with 7, the steady-state value of T,

Let us emphasize that the derivation of this par-
ticular relation, or even the identification of bridging
as the . ular T-curve mechanism. are not issues
here: we use Equation 4 only as a formula for rep-
resenting the experimentally determined results for
our chosen alumina test maturial. Any other analytical
expression that fits the T-curve data would serve
equally well 1o demonstrate the tolerance fastor in the
strength characteristics,

t4a)

2.3. Microcracks without full T-curve history
Now consider our second microcrack-type flaw, of the
same initial size, ¢,, but without any {pre-test) history
of interfacial bridging, Fig. 1b. Such could be the case
if bridges were never 10 be given the chance to form in
the first place (e.g. flaws associated with incomplete
densification at an carly stage of sintering. grain-
boundary iriple points). or if any post-fabrication
mechanical, thermal or chemical interaction were (o
destroy existing (i.e. post-evolutionary) bridges.

The applied stress term, K, (c), is identical to that of
Equation 3. However, the microstructure-associated
T.{c) term differs slightly from Equation 4, by virtue
of the fact that the bridging stresses are operative only
over the area of the extended (not the initial) crack. In
this case the T-curve is displaced along the c-axis.
corresponding to integration of the stress-separation
function for the bridging elements between ¢y + d €
¢ € ¢ +¢, {10]). The expressions for 7, may thus be
obtained by replacing « in Equation 4 with ¢, + dand
Ce by G + Cq v

T(c) = 0, (c <cy+ d)
TAe) = (T, = Tl = (1 ={{cs + ¢,)
X (08 = (eo + dFYliclea ) = (e + 1)),
(n+d<e<eg+c,) (5b)
Tw) = T, =Tyo (¢>6+¢,) (5¢)

which now explicitly involves flaw size. . We empha-
size here that this T-curve displacement is not ¢quiv-
alent to o simple shift in origin along the c-uxis: i.e. the
function 7,(Ac). where Ae = ¢ — ¢, is not invariamt.

(5a)

2.4. Crack extension from pores

For our third Naw type. consider a spherical pore off
radius h,. from which innular microeracks extend on
adinmetral plane normal to the subsequently applicd
tenaile field. Fig. le. The terminology 4, is adopted
here to distinguish this Kind of defect from a sharp

ek - disei G v srhaakol By ~Somie). Pores are
the MOSL €0 "8 LEE* ana of processng
which full density 18 nut reub s

The upyiia® steess term for the poce is no longer of
the simple form given in Equution 3, Note thit the
true crack size in this ot b not ¢ but ¢ = A, The
consequent reduction in etfectr *ness of the pore s &
strength-degrading flaw i3 netated somewhat by
stress-concentrating capacity. Accordingly, K (¢ i
mudified a3 follows

Kic) wm yale = b2 Ace) (e h) (8

where the madifying function /(A ¢} is {16) (neglectng
free surfuce eflecis st ¢ = A,)

Jhyee) m (1 4+ B o) 301+ () 20A, o
+ (37 - SvKb, oF).
(e 2 b)) (T

with v Poisson’s ratio, Note thatat ¢ » by f'—~ 1. us
required for Equation 7 10 restore to Equation 3. As
¢ decreases toward Ay, on the other hand, / becomes
increasingly greater than unity. indicative of the
stress-concentratior; effect. Again, there are more
sophisticated expressions for f(c/h,), bt the numerical
accuracy of Equation 73 not central (o cur argument,

For the microstructure-associatcd K (r) term we
may retain Equation $ above as for microcracks with-
out T-curve history, but with A, replacing ¢, (again in
the approximation of negligible free surface effects at
c = by)

Tce) = 0, (c<b+d)
T(c) = (T, = T}l = (1 ~{(hs + ¢,)
% (= (b + D))iclhs + ) = (b + &F) 7))
(b + d < ¢ < by + ¢} (8D}
Te) m T, = To. (¢> by +0¢,) (8¢)

so that initial flaw size is again a fuctor, Again, we note
that the function 7,(Ac). where Ac = ¢ — b, is not
invariant.

{8a)

3. Calculation of strenqth - flaw-size
reiations: case study on a
polycrystaliine alumina

3.1. A model slumina material

Let us now investigate the above formulations for an

aluming with relatively pronounced T-curve (R-curve)

churacteristics associated with the bridging mechan-
ism, The appropriate parameters needed in order to
specify T, in Equation 3 for this material huve been
eviluated from the indentation-strength, ¢, (P). data
shown in Fig. 2 {12]. We note the distinct plateau
in these data, indicative of the strong T-curve influ-
ence referred to earlier. This plateau corresponds
closely 1o the strength level for breuks from natu-
ral flaws (including unindented specimens, and inden-
ted specimens whose failures did not originate at
the contact site). The material is polyerystalline with
an average grain size 0 pm (Vistal grade. gram
size 20pm, <0.1% impurity, Coors Ceramics Co..
Colorado). It has a strong tendency to intergranular
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fracture 7). so that the intrinsic toughness, Ty, ident-
ifies with the grain-boundary fracture resistance. The
specimens were broken in-their as-fired siate, so that
extrinsic muchining or pelishing Raws might be
uvoided. However, they contain some toadily observ-
uble processing defects. microcracks up to S0 um long
(= 210 3 grain facet lengths) and occusionai large pores
up to 100 um radius, examples of whict are shown in
Fig. 3. These defects huve been icentified as the failure
sites for breuks of unindenied specimens (or, At fow
cantact louds. of some indented specimens).
Accordingly. we plot the applied stress X, {) func-
tion und equilibrium T(c¢) Panction of Equation. thfor
the three fluw types. in Figs 4 10 6. The crack cour-
dinate s plotted as ¢! * in these figures so that A (¢) for’
the microcruck-type Raws might be represented in the
usuul way as straight lines with slope proportional to
upplicd stress. The T-curves have the zame form for
¢ich of the different faw types. with lateral displace-
ments ulong the dbscissa depending on the effective
initiul flaw size. The range in ¢ over which the T-curve
rises for this aluminz may be taken as a measure of the
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large zone lengths (¢ = o) over which the stabilizing:

cifect of the restraining forces cun be realized in non-
trunsforming ceramics.

3.2. Microcracks: full T-curve history

Consider lirst the T curve construction for microcrick-
like ffaws with full T~eurve history, Fig. 4. In this cuse
the T(¢) function, Equation 4. is independent of inttinl
Raw size, ¢, The uctual critical condition for fuilure,
Equation b, corresponding 10 the tangency condition

g, = a, = g,in the diagram, ulso shows un indé¢pen. .

dence on ¢,. but only within the size runge ¢, € ¢, &
. For the particulsr value of ¢, illustrated the flaw
first "pops in™ unstably to the intersection point along
the “loading line™ at 3, = @, on the rising branch of
the T-curve, and thereafter grows stubly up the curve
until the critical unstable configuration ¢ = ¢ = ¢
is reached at g, = g% = g, (superscript P denoting
plateau value). This may be regarded as an “activated”
instability. For ¢, < ¢4 the instability condition
a, = g, occurs at a higher applied stress level. e.g. ;2
conversely, for ¢, > ¢; at lower g,. &.8. 0, or (for very
large ¢,) @,. In these latter cases the instability is
“spontaneous”. With such a construction we can deter-
mine (at least numerically) the functional dependence
of g, on ¢, over as wide a range of flaw size us we
please.

3.3. Microcracks: no previous T-curve history
Consider next the construction for the sume micro-
crack-like flaws, but without T-curve history. As indi-
cated above, the influence of initial flaw size ¢, is now
manifest as a shift in the T{c) function. Equation &,
along the c-axis. without any effect on the X (¢) func-
tion. We plot T(¢) for ¢, = 0 (i.e. equivalent 1o flaw
with full T-curve history, Equation 4). $0 um (corre-
sponding 1o the approximate microcrack size actually
observed. Section 3.1) and 500 um (an extreme vulue
approaching “macroscopic™ crack dimensions) in
Fig. 5. We include A,(c¢} louding lines only ut the
tangency configurations. Note now that even within
the flaw size range ¢ € ¢, € ¢; { a condition always
well satisfied for the 50 and 500 um flaws represented
in Fig. 5) this tangency contiguration is not independent

Froze 3 Mictographs of proccsing flass i the same alusina a wepreseated e big 2 6o anerocrachs (O thy Lge pore Opiiaal
transantivd fehi
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Frenee 4 Ttune construction for slumina matenal in Fig. 2: micro-
crach faws with full Tcurne hastoey. Linei 1, 2, 3, 4 correspond to
nceeasing 4, n A tcl function, Equation ). Ne) function from
Equation 4 using parameters evalusted from Fig. M (T, = L.2IMPa
mALT, = d0MPam' i, m 0pm,c, = 420um (1)), Tangency
condition 3t curve I defings strength o, = e, = MSMPa for Raws
with imtal size 1n range ¢, € © € o]

of ¢y: i.2. the slope of the X, () line. which determines
a, = g, differs from curve 10 curve, Nevertheless,
not only is the failure still activated. but the stable
growth stage prior to final instability is actually
enhanced (the tangency point lies further up the T-
curve at the two larger values of ¢,). Accordingly. the
tolerance characteristic imparted by the T-curve will
be far from lost. especially where the range of the
T-curve greatly exceeds the range of faw sizes. as is
the case for our material in Fig. 5. Again, it is a
straightforward matter to determine the functional
dependence of a,, on ¢, lrom this constructign.

3.4. Pores

Finally, consider the construction for the pore-like
flaws. Now both the T{c) function. Equation 8, and
the K, (c) function, Equations 6 and 7. are dependent
on the initial flaw size. b,. We plot these two functions
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Frewee & As Tor Fig, 8, Mt for pores of sires 5, m 80 snd 30m
Tic) curves from Equation ¥, A 1c) curves from Equations 6 and 7.
Note deviavon of A, lc) below ' dependence (dashed hines) ut
small . with 2¢ro cutoff at ¢ = A, (Note also that Tand K, erack
funcions ure definable only st ¢ 2 A, for this defect.)

for b, = 50 und S00,m in Fig. 6 (cf. Muw sizes in
Section 3.3): for K, (c) we include plots for equivalent
crucks. b, = ¢, in Equation ). ... the dashed lines, The
modifying effect of the effect:ve reduction in crack
length (from ¢ 1o ¢ — A,) assuciated with the pore is
apparent as a pronounced deviation below u linear
K.,(c) plot. with cut-off at small crack extensions.
However. the stabilizing effect of the T-curve is sul-
ficiently strong that this modification hus little notice-
able influence on the tangency condition, except ut
unusually large pore sizes (such as the S00 um pore in
Fig. 6). Again, the tangency configuration depends on
the size of the history-dependent flaw. Note that for
this tangency condition o represent the strength con-
figuration it is necessary only that the pore should be
circumscribed by a pre-existent annular starter crack.
Ac. a few micrometres in dimension (i.e. considerably
less than a grain facet length in cur material). such
that the requirement ¢ € b, + Ac € ¢ (cf. Fig. 4)is

10? I '
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Fienre = Prodicted strength plotted against smtial law sve (o for
nucrocracks, A, for porest tor alumima matenal in Fig, 20 AL oncro-
vrachs with full J-cune histony, B microcracks wath 7-cunve intla-
ence only Lafter exte ston torm ¢ . C, pores wath Beune mtluence
atier extension from A, Donerocrachs with nomtluence ot I-canve
atany stage ol growth, Note wellsdetned prateau levelat 6% s tulhy
acdueved ol by law A



satistied. In the interest of conservatine design we deal
With this "worst cise™ in Section LS below,

3.5. Strength data

Frg. 7 s the resultant plot of the strength agunst
it aw size (0 B, winchever s appropricss for
the three law tapes discussed above, indicated s
curves A, B und C, respectivels, 1t is evident that the
stubilizing influence of' the T-curve has praduced sig-
miticant faw wlerance over the size range 10 10 100 im
fencompitasing the ringe obsersed in our alununy
matenl, Section L1). even of somemhat less pro-
nounced in B und C where bridging is not operative
over the initial length. To put these results in perspec-
uve, we may compare with the strength characteristics
for a hypothetical ceramic with the sume material
constants as our alumina but without T-curve influ-
ence over any of the crack urea. extended us well us
initial: these characteristics are obtained here by
repeating the calculations for sharp microcracks ut
T, = O(i.c. withatoughness T = T,)and are plotted
ascurve Dn Fig. 1.

4. Discussion

It has been shown that different flaw types in materials
with pronounced T-curve (R-curve) characteristics
exhibit the quality of “tolerance™ in their ussociuted
strength behaviour. 10 a greuter or lesser extent
depending on history and geometry. The greatest
effect is predicted for those flaws that experience
enhanced resistance over their entire area. initial as
well as extended. A smaller. but by no means insignifi-
cant. effect is predicted for those flaws that experience
resistance over only their extended area. Thiz latter
point runs counter to traditional thought in the
ceramics community where it is presumed that certain
flaws, particularly processing defects, are inevitably

susceptible to spontaneous failure from their initial'

configuration. Our results would suggest that in such
T-curve materials as tie alumina represented in Fig. 7.
the improvements in strength gained by eliniinating
processing flaws much smaller than 100 um (corre-
sponding to a few bridge spacings) are likely to be
minimal,

We have considered just one matenial (polycrystal-
line alumina). and just one mechanism (bridging). but
the conclusions carry over to any material and any
mechanism. It is the form, not the origin. of the 7-
curve that determines the scale of the effect. (We have
recently refined the detailed form of the T-curve for
bridging materials given in Equation 4. but these
refinements in no way change the substunce of our
conclusions here.) Note that there iure two features of
the T-curve that need to be miuximized for optimum
tolerance. the mugnitude T, — 7,. and the range
¢y = d. For the alumina considered here the mag-
nitude is modest, T, T, 2 1o 1, but the range is
relatively large, ¢ id = 10 (i.c. some tens of grain
diameters). It is interesting to reflect that whereas
most theoretical treatments of° T-curve behaviour
focus almost exclusisely on the Tormer, it s the Latter
that i the hey contributing factor 1o the tolerance
our matenal, by vrtae of s controthng mfluence on

the saale of the aw ainsensiinay fimge ¢ * v, v o,
(Fag. 41 Thus whereas many matertals processors seck
W optinize only the magnitade T, 75, 008 appitrent
that the range o, may be at least as iportant

The tape of construciion depicted 1n Fips 4 10 6 is
Justone of several possible ways [6] of representimy the
T-curve influence on Naw mechanics One commonly
used, alternative construction warrants speciul men-
ton, because of an unwatiing tendenes e workers in
the ceramies ficld to regard 1is seope of application as
universul, We refer 1o the construction in which both
Tand A, are plotted a» 4 function of vrach entenson,
Ac = ¢ = g, (0. [Oor pores. Ac = ¢ = bu)instead of
absolute crack size. ¢ [17). In that scheme a change in
flaw size is represented as a shift in the intercept ' the
K,(A¢) loud line ulong the negative Ac¢ coordinate,
with an invariant T- or R-curve fixed at some ongin
along the abscissa, Such a construction might at first
sight appear to be equivalent to that shown in Fig. 3
(and 6) for defects without T-curve history over
their initial area: there we simply displaced the origin
of T instead of K,. However, we recall from Sections
2.3 (and 24) that the function T (Ac) (inserting
c = Ac + ¢y in Equation 5. or ¢ = Ac + b, in
Equation 8) is nal invariant with ¢, (or h,): i.e. the
shape of the T-curve depends on the initiai flaw size,
The alternative construction is even more inapplicable
to flaws with full T-curve history. such as the micro-
crack system in Fig. 4, where the relative locations of
the Tand X, onigins are fixed regardless of ¢,. For this
last flaw type. constructions that shift the relative &K,
origin will inevitably lead to a significant underestimate
of the tolerance level (e.g. will predict a curve closer 1o
B than to A in Fig. 7). ltis clear that considerable cure
needs 1o be exercised in drawing conclusions regarding
strength characteristics from the traditional R-cune
representations.

We have seen that the tolerance properties of a
material with T-curve behaviour depend strongly on
the flaw type. This dependence may be usefully
explored in the indentation-strength test. by exami-
ning the data set in the low-load region. Thus we note
for our alumina material in Fig. 2 that the o, (P) data
tend asymptotically to the strength level for breuks
from natural flaws: and. moreover, that this level
itself corresponds (within experimental scatter) to the
plateau value o, in Fig. 7 for microcrack-type flaws
with full T-curve history. We conclude thut the domi-
nant natura} laws in our alumina must have evolved
within the (bridging) T-curve field. and are therefore
most likely to be the grain-facet microcrucks of the kind
shown in Fig. 3. There is indeed evidence from in siu
observations of polished alumina surfuces that such
microcracks are the most previlent source of nutural
failures 7. 18]. That the a,,(P) plot for the indentation
fhaws is asymptotie to rather than coinaident wath the
ab, plateau is atinbutable o an additonal drving
foree, proportional to P, associated with residual con-
tact stresses {7, 10-12), For flaws without complete
T-curse history, e.g. the pores m Fig, th, the attendant
reduction in strength vadues wall mamtest atsell as o
cut-oflin the 4, (2 plot i the low-load regron Tlos
indictes that such delects are not present i suthaent




NUIOCE (o spavimens 10 lower the mean strenpths of
our aiumina signiticantly, but there are reported dati
for several other ceramics without strong T-cure
characteristies  (including  alununis)  that  evlubat
strang cut-0oF behaviour [7). 1 s these latter defect

tapes that pose the greatest threat to degnndation of

strength properties,

In conclusion, Taw insensitivity 15 & natural conse:
quence of T-curve behaviour, The degree of insensi-
tivity depends on such matiers iy history and geometry.
The implications concerning materials design are pro-
jound. Nowhere is this more upparent thin in ceramics
processing strategy. Elimination of all flaws need not
be the ultimate objective of materials fubricution. In
this view it might not make good sense to pursue
unlimited refinement of the microsiructural makeup.
particulurly where the elements of thut particulur
microstructure compensate by enhancing the T-curve,
Moreover. the attendant crack stabilizaticn atTorded
by the rising T-curve could be turned (o advantage. 10
provide early warning of any impending (ailure {1 1). It
is clear that future decisions in ceramics design will
inevitably require a proper understanding of the under-
Iving mechanics of the T-curve response, along with
complete characterization of the flaw types that are
most likely to lead the material system to failure,
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ABSTRACT

A grain-bridging model of crack-resistance or toughness (R-curve, or T-
curve) properties of nontransforming ceramics is developed. A key new feature
of the fracture mechanics treatment is the inclusion of internal residual
(thermal expansion mismatch) stresses in the constitutive stress-separation
relation for pullout of interlocking grains from an embedding matrix. These .
internal stresses play a controlling role in the toughness properties by
determining the scale of frictional tractions at the sliding grain-matrix
interface. By providing a physical account of the underlying micromechanics
of the bridging process the analysis allows for predetermination of the
material factors in the constitutive relation, thereby reducing parametric
adjustments necessary in fitting the theoretical toughness curve to
experimental data. The applicability of the model is illustrated in a case
study on indentation-strength data for a “"reference" polycrystalline alumina
with particularly strong T-curve characteristics. From theoretical fits to
these data the constitutive relation, and thence the entire T-curve, can be
deconvoluted. This "parametric calibration", apart from demonstrating the
plausibility of the model, allows for quantitative predictions as to how the
toughness and strength €harucc0ristics of ceramics depend on such
microstructural variables as grain size and shape, grain boundary energy,
level of internal stress and sliding friction coefficient. An indication of
this predictive capacity is provided by a preliminary calculation of the

grain-size dependence of strength, using some existing data for other aluminas

as a basis for comparison.




1. INTRODUCTION

Much recent attention has been paid to the phenumenon of a systematically
increasing fracture resistance with crack extension in ceramics (R-curve, or
T-curve). In nontransforming ceramics ! the magnitude of this increase can be
respectable, i.e. in excess of a factor of three, depending on the
microstructure [1-12]. The range of extension over which the increase can
occur is perhaps even more impressive, amounting in some instances to some
hundrads of grain dimensions. The R-curve has a stabilising influence on
crack growth, strikingly manifested in strength properties as a tendency to
flaw insensitivity [13]): hencea "flaw tolerance", a concept with especially
strong appeal to those concerned with structural design.

This flaw tolerance is especially well demonstrated in indentation-
strength tests (3,4,9], vwhere Vickers indentations are used to introduce
controlled starter flaws into the surfaces of strength specimens. At
decreasing indentation load the strength deviates away from the (logarithmic
-1/3) dependence of strength on indentation load predicted for materials with
single-valued toughness, and tends instead toward a well-defined plateau.

Such plateaus have been reported in a wide range of ceramic materials [3,9],
indicating a certain goqcrnllcy in the R-curve phenomenology. Moreover, these
plateaus, where they are pronounced, tend to the strengths for failures from
processing defects. Thus the indentation-strength test provides R-curve
information in the crack-size domain most pertinent to designers, i.e. the

domain of natural flaws.

1 As distinct from transforming ceramics (zirconia). The significant
increases in toughening in this latter class of material are
relatively well documented and understood.
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There {s now a weight of direct evidence demonstrating that the principal
mechanism of rising crack resistance behaviour in nontransforming ceramics is
grain-localised bridging at the crack intexface behind the advancing tip
(4,5,7,10). In particular, it i{s observed that frictional tractions
associated with the pullout of interlocking grains can restrain the crack
opening for large distances (up to several mm in some aluminas) behind the
tip, therxeby accounting for the range of the R-curve. A traditional
preoccupation of ceramics fracture analysts with post-mortem fractographic
observations had long precluded identification of this mechanism: cthe very
act of failure destroys the bridges. It is only recently, as a result of in
2ity crack extension observations made during the stressing to failure, that
the bridging mechanism has become clear. Again, the mechanism appears to be
common to a wide range of ceramics, especially noncubic ceramics that fail by
intergranular failure.

Theoxetical descriptions of the bridging mechanism are in their infancy.
Mai & Lawn (13] presented a model based on a distribution of closure tractions
across the crack walls. This distribution gives rise to a "microstructural®
stress intensity facter, which augments the stress intensity factor associated
with the applied loading. Since this microstructural stress intensity factor
is negative it can be regarded as part of the toughness/crack-size function,
T(c); thence the R-curve (or, more strictly, T-curve). Key to the
theoretical development is the specification of a constitutive stress-
separation function defining the physical restraint exerted by individual
bridges. In this regard the approach of Mai & Lawn was phenomenological;
they recognised the need for an extensive functional "tail" to account for the

large traction zone behind the crack tip, but adcpted an empirical inverse




relation to describe it, Their empirical function contains the necessary
ingredients for a macroscopic description of the failure mechanics, allowing
for, among other things, a deconvolution of indentation-strength data to
obctain the T-curve [9]. However, while thers is some precedent in the
concrete literature for tail-dominated relations [14), the empirical approach
precludes a fundamental understanding of the underlying material aspects of
the phenomenon. What elements of the microstructure control the restraining
tractions, and how might we adjust these elements to optimise the R-curve
characteristics?

In this paper we set out to answer such questions by incorporating a
stress-separation function based on a specific physical mechanism of grain
pullout for noncubic materials. We consider the bridging grains to be
"locked” into the "matrix" on either side of the crack interface by internal
thermal expansion mismatch stresses. The resistance to pullout then derives
primarily from Coulomb friction at the sliding matrix-grain ircerface. In
this sense the mechanism is analogous to that of fibre pullout in ceramic
composites. Indeed, we shall borrow from established fracture mechanics
descriptions for composites in our own formulations. We are led to consider
internal stresses as an important factor for two reasons: first, because of
an apparent diuinishing‘of the T-curve behaviour with addition of
intergranular phases in alumina ceramics, tlie second phase presumably acting
to relax the stress buildup during the processing [3,4]: second, because the
T-curve eiffect has been observed in noncubic, but not cubic, ferroelectric
ceramics (viz. barium titanate helow and above the Curie temperature [3]). We
emphusise at the putset that these internal stresses enter the T-curve

analysis only via their influence on the micromechanics of bridging and not




via any direct interaction with the fiecld of the advancing tip; we shall
argue that the latter possibility, considered as a potential source of
toughness variation in the earlier iiterature {15), cannot account for the
scale of the T-curve observed in the materials to be investigated here.

Our goal is to formulate a theory for quantifying the roly of such
microstructural parameters as size, shape and spacing of bridging grains,
grain boundary unergy and intergrarular sliding friction coefficient, on the
strength propoxties of ceramics. To fllustrate the formalism we £it our
toughness equations to some Jata from previous indentation-strength tests on
an alumina with particularly strong T-curve characteristics. With the resulcs
of this fit we then make some preliminary predictions of tha strength/grain-
size dependencea. The ultimate hope is that such an approach might be used to
estabiish a theoretical base for a processing strategy that allows for

optimisxtion of streangth properties of ceramics for specific applications.

2.  MICROMECHANICS OF FORCE-SEPARATION FUNCTION FOR INTERLOCKING G w
INTERNAL-STRESS -MODIFIED FRICTIONAL TRACTIONS

2.1 Geometrical Factors and Internal Stresses

An important element of our model is the geometrical configurati.a of
interlocking grains at the crack interface, and the role of local residual
internal stresses in determining subsequent frictional restraints as these
grains are progressively disengaged from the crack walls. Such stresses were

first discussed in the context of grain bridging by Swain [16]. Houever,




Swain confined his attention to astimates of the spatial extent of the T-
curve, without any consideration of the shape or height of this curve,
Cousidar first thermal expansion mismatch stresses normal to the
separation plane along which the crack is to propagate. These internal
stresses arise from crystallographic anisotropy of individual grains within
the material microstructure. They are conservative, in that they may be
relaxed and restored in any elastic oparation that displaces the opposing
half-spaces across the separation plane. They consist of both tensile

stresses, oy, and compressive stresses, oy:

oy = + B,ELalT (1a)

o = - P.EAaAT (1b)

where E is Young's modulus, Aa is the differential thermal expansion
coefficient, AT is the temperature range through which the material deforms
elastically, and the S are coefficients < 1. Those grains subject to
compression will tend to remain in contact with both sides of the interface in
any such reversible separation process, and thence constitute incipient
*bridges"; those remaining grains subject to tension may then be considered
as making up the constitutive "matrix".

Now define a characteristic grain size £ and characteristic bridge
spacing d, as {llustrated schematically in Fig. la for a periodic rectangular
lattice, such that the area fraction of bridges is £2/2d%2. Then the
requirement for the tensile and compressive stresses to balance over any

potential separation plane is that

op(l - £272d%) = - o (£2/24%). (2)




For the ideal case of a unimodal, homogeneous grain structure, where we expect
equal probability of tensile and compressive stress, i.e, g, = f., Eq. 2
requires that d = 2. This corresponds to the limiting configuration in which
every alternate grain is (on average) a bridge.

How might these internal stresses exert restraining forces on prospective
crack walls? When we deal with fracture mechanics later we will need to
distinguish certain crack-size domains. For very small cracks in the initial
stages of development, c¢c < d, the walls will feel the full influence of either
the matrix tensile stress oy (or, alternatively, the compressive stress oy in
the relatively unlikely event of cracks generating from within the bridges
themselves). Thus in this domain the discretenass of the microstructure is
crucial. For very large cracks, c >> d, the internal stresses must average
out to zero over the potential separation plane. In the intermediate domain
within the first few bridge intersections the micrecsiruatural discreteness,
representable as alternate areas of positively and negatively stressad grain
facets, will rapidly wash out (the crack area increasing with ~ c? for the
penny-like geometry). Accordingly, we make the approximation that the net
internal elastic stress across any crack area beyond the first bridge is zero.

If this last approximation holds, then the origin of the closure stresses
needed to produce toughgning must lie in some subsidiary, nonconservative
source. Suppose the fracture to be intergranular, and consider the internal
stresses tranzverse to the separation plane at the grain-matrix interfaces
(Fig. 1b). Some of the grains (those destined to act as bridges) will be in a
state of residual compression. At this stage we make no attempt to
distinguish fine details of the stress state, assuming a uniform distribution

vp at the boundaries. We shall propose below that Coulomb sliding friction at




the compressive grain-matrix interface provides the dominant closure sctress as
the surfaces are separated along the grain boundaries. It is possible that
not all compressively stressed grains will be ideally orienced to provide
effective interlocking, in which case we may generally expect d > £, even in
ostansibly homogeneous microstructures. In this model the internal stresses,
although not the direct cause of the closure, are (contrary to what one might
at first sight conclude from the preceding paragraph) far from benign, since
they determine the magnitude of the frictional tractlons.

Accordingly, we need to determine a constitutive relation between closure
stress, p, and (half) crack-wall separation, u, for this dissipative friction
component. We shall adopt the convention, consistent with our notion that
frictional tractions will always act to oppose crack opening, that positive

p(u) denotes closyre. The function p(u) is derived for different crack-size

regions in the following subsections.

2.2 Frictional Debonding at Matrix-Grain Interface

Suppose the crack intersects a grain in residual compression, Fig. 2a.
The intersected grain initially exerts an opening force on the crack walls.
As separation behind the advancing crack tip proceeds, this opening force
diminishes and ultimately becomes negative (closure), leaving the grain
embedded in the matrix on both sides of the intexface. This is the first
stage of bridge formation. The ensuing build-up of differential strain
between the grain and matrix results in interfacial debunding, starting at the
crack plane and extending stably up the interface. Simultaneous with this

debonding is the onset of resistive, frictional tractionms, increasing in




intensity until debonding is effectively complete.

Calculacions of the debonding process have been carried out in the
ceramic composites literacure, parcicularly in the contaxt of fibre-
reinforced composites., We razort to one such calculation, by Marshall and
Evans (17), deferring details to the Appendix. At the outset we may assext
that the debonding is unlikely to make a profound contribution to the energy
dissipation; although frictional forcas are involved, the distances over
which these forces are active is limited to the relatively small elastic
displacements within the internally stressed bridges. Balancing the
integrated frictional shear lag stress over the debonded intexface area
against the axial stress in the residually stressed bridging grain, one

obtains a square root dependence of closure stress p on u (17] (Appendix),
p(u) = ((2uogEA/22)112/(2d2 /0% - 1))u}/2 - oy (3)

where A is the circumferential distance around the debonding grain at the
separating interface (e.g. A = 4% for the rectangular geometry in Fig. 1) and
p is the friction coefficient. We note the appearance of E in Eq. 3,
consistent with an elastic relaxation process. We note also the negative

intercept, p(0) = - oy, indicative of the gpening stress that pertains at

initial wall separation.

2.3 $liding Friction Grain Pullout

Once debonded, the grain can slide out of the matrix, Fig. 2b. The
frictional closure stress on the crack wall is now exerted by individual

bridging grains as they are pulled out of the embedding matrix. The force
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exerted by one grain at any wall-wall separation 2u is given by the product

of: A(2u. - 2u), with 2u, the separation at which the grain disengages (area
of grain wall in contact with matrix); pu (sliding friction coefficient); and
- oy (noxrmal, clamping stress). Noting that the average area occupied by one

bridge is 2d? and recalling Eqs. 1 and 2, we obtain
p(u) = (poglu./d?)(2d?/£2 - 1)(1 - w/u.). (4)

This relation has the same characteristic falloff with u as assumed
empirically in earlier studies [8,9], except that here it is explicitly
linear. Such a linear dependence is contingent on an invariant cross-
sectional grain geometry during pullout [18), as implicit in our consideration
of a rectangular microstructure in Fig. 2. The representation in Fig. 2 also
depicts the frictional forces as distributed unitormly and symmetrically over
the entire matrix/bridging-grain remnant "contact" interface. Direct
observations of the bridging configurations indicate that the reality is more
complex: the bridging configuration is, in general, far from rectangular, and
the frictional contact regions tend to be concentrated at points of
geometrical irregularity (ledges, re-entrant corners, etc.), often across a
single (compressively stressed) facet of the disengaging grain, where the
resistance forces can be intense (see, for instance, Fig. 12 of Ref. 7). Ours
is a somewhat idealised representation of the closure stress function.
Nevertheless, Eq. 4 does contain the essential physics of the proposed
separation process, and is well structured for incorporation of critical
microstructural parameters.

In deriving Eq. 4 we have not considered the possibility that the

bridging grains might rupture transgranularly. If such rupture were to occur,
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p(u) would cut off prematurely at some critical separation. Such cutoffs are
indeed predicted in ceramic composites with continuous fibres (17]). They
might be expected in our monophase ceramics if the frictional stresses were
allowed to build up sufficiently, e,g. at large grain sizes. For the present
we neglect this possibilicy.

Because sliding friction can occur over a large fraction of the embedded
grain dimension, we may anticipate pullout to dominate debonding as a

contributory factor in the toughening.

2.4 composite p(u) functicn

Now let us combine the results in Sects. 2.3 and 2.4 to obtain a
composite closure stress-separation function p(u) for the entire evolution of
the bridge, from initial formation to rupture and beyond. It is re-emphasised
that we are dealing with an approximation in which a discrete distribution of
bridging forces is replaced by a continuous stress function. We recall that
this approximation is good only for cracks with area large compared to the
area occupied by a single bridge (c >> d). As alluded in Sect. 2.1, we shall
extend the formalism down to the intermediate crack-size domain, but not to
the small-crack domain (¢ < d) where the internal stresses dominate.

Notwithstanding these provisos, we reduce the closure stress function as

follows:
plu) = pp(ufu.)’? - op, (0 susuy) (5a)
p(u) = py(l - u/u.), (4 Su=u) (5b)
p(u) =0, (u2zu) (5¢)
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where the scaling quantities

Ppp = (2pa,€ku./13)"2/(2d‘/12 = 1) (6a)
Py = (Hogdu./d?)(2d3/42 - 1) (6b)

are respectively the shear-lag stress in £q. 3 evaluated at .= ', in the
absence of residual stress o, and the sliding friction stress in Eq. &
evaluated st u = 0. Equation 5 is plotted schematically in Fig. 3. Thus
have a function p(u) with negative intercept at p(0) = - oy, square root
dependence to the crossoves point at u = u,, and linear decline to p(u.,) = 0.

The area undex the curve in Fig. 3 represents the energy of separation of the

bridged intarface.
It is instructive to determine the crossover point where the p(u)

functions in Eqs. 5a and 5b are identically equal:

u,/u. = (pp/2py )2 {1 + bpy(py + ox)/P3)1Y2 - 1)2, N

As indicated above, we may generally expect to find p, >> py + oy, u,/u, =
[Cpy + ox)/Pp)? << 1, in which event the debonding term will be relatively
insignificant in the fracture mechanics. We shall find this to be the case

for our alumina later (Sect. 4).

3.1 General Equflibrium Requirements

Begin by defining a general stress intensity factor condition for the
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equilibriun of a crack subject to an applied tensile loading field (K,), a
flaw-localised internal tensile field assoclated with any residual nucleatfon
forces on the crack (K.) [19], and a microstructure-associated closure field
(K,) [8). These stress intensity fields are linearly superposable., A
stationary value obtains when the net K on the crack tip. K.(c) say, just

balances the toughness associated with reversible creation of surfaces, T,;

K. (e) = K, (c) + K. (c) + K, (c)

= Ty = (27,E" )22 (8)

with E' = E/(1 - »?) for plane strain, » Poisson's ratio. Here vy, is an

appropriate surface energy texrm. For the case of speccial interest to us, that

of intergranular fracture, we have
27 = 275 - T3 (9)

with yg the surface enexrgy of the bulk solid and 7, the grain boundary
formation energy.

It is convenient to restate the above equilibrium requirement in a form
appropriate to the R-curve phenomenology. We note that, like K,, K. is a
truly extrinsic mechanical driving force on the crack system. (We shall
identify K. specifically for indentation cracks below.) The quantity K, on
the other hand is an intrinsic resistive term, always negative, so is move

appropriately regarded as part of the toughness, i.e. T, = - K,. Accordingly,

K, (e) = K, (e) + K.(c)

Ty + Ty(c) = T(e). (10)
The composite, crack-size dependent toughness term T is equivalent to the
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quantity Ky used by some: we adopt the T notation to avoid potential
confusion with the negative sign in K,, and to emphasise that we ars
considering an intrinsic materilal property rather than an extrinsic mechanical
forca, We may note the equivalence of the above stress intensity factor
relation K, = K, = T with ¢he mechanical release rate relation G, = R, via the
familiax connection T = (RE')!/2 [13}; hence ouxr use of the term "T-curve"
instead of the more familiar "R-curve".

The critical condition for the crack equilibrium to be unstable i{s then
given by dK,(c)/dc = dTp/dc = 0 in Eq. 8 or, altarnatively, by dK, (c)/dc =
dT(c)/dc in Eq. 10 {3}, The latter defines the familiar "tangency" condition

for materials with T-curves.

3.2 Microstructural Stregss Intensity Factor

Consider the idealised penny crack system in Fig. 4. As discussed in
Sect. 2.1 we suppose that the crack originates within the matrix ({.e. in a
region between bridges) subject to the (conservative) tensile stress oy, and
subsequently spreads into the surrounding regions defined by the
(nonconservative) closure stress function p(u). We shall designate
contributions to the microstructural toughness term T, from the oy component
by single prime notation, and from the p(u) component by double prime, L.e. T,
=T, + T;'. It is convenient to separate the problem into three crack-size
regions: c smaller than d (corresponding to first bridge intersections at one
half the spacing 2d in Fig. 1); c larger than d but smaller than the critical
size c. at which the first-intersected bridges just rupture; c larger than c,

(such that the entire bridging zone translates with the advancing tip). As we
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shall see below (Sect. 3.2.2), a further subdivision of the second of these

regions may be made.

3.2.1 Precursor tensile zone, ¢ 5 d. Within this region the crack
experiences only the matrix tensile stress op. The negative of the stress
intensity factor for this region, T = - K;, is of the familiar foxm for

uniform stress fields,
Ti(c) = - pogct/2, (c = d). (11)

where ¥ is a geometry-dependent coefficient appropriate to penny-like cracks.

In this region the contribution from p(u) is, of courss, zexo, i.e.

Ty ' (c) = 0, (c 5 4). (12)

3.2.2 Bridging zone, d S ¢ $ c.. Within the bridging zone the crack
experiences two contributions, one due to the persistent tensile stresses oy
over the radial distance r < d and the other to the frictional closure
stresses p(u) over r = d. These microstructural contribtutions will continue
to evolve with crack extension as long as the firsc-intersected bridge at r =
d remains intact.

Start with the first of these contributions, T; = - K!. We use the
Green's function solution for penny-like cracks subject to radially

distributed stresses o(r) = o, over 0 < r 5 d, o(x) = 0 over xr = d ([20};

d
Ty(e) = - (¥/c*/2)f ro(x)dr/(c? - r?)/2
0

- Yopet2[1 - (1 - d?/e?)t2), (d<csc). (13)
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The following limits are of interest: atc =d, T, = - Yoadi/?2, as required
to match Eq. 11; at c >> d, T§ = - pogd?/2c¥/2, which is the solution for a
central point-forcu vpening configuration. It is apparent that the influence
of the persistent matrix stress diminishes rapidly once the crack enters this
bridging zone.

Now consider the second contributionm, T;' = - Ki’. In its exact form,
this contribucion is expressible as a nonlinear integral equation, which has
no general closed-form solution [21]. To avoid a detailed numerical analysis
we compute this term analyctically in the approximation of “weak shielding”
(9,17]), where the influence of the closure stresses is taken into account in
the stress intensicy factor balance but is ignored in the crack-opening
displacement relation. The assumption of weak shielding is appropriate for
ceramics with modest toughening characteristics, i.e. ceramics for which T;' <
To: for our model material this condition is satisfied in tha crucial small-

crack region (see Sect. 4, Fig. 7). In this approximation we have [9,17)
ul
T. ' (u) = + (E'/To)fop(u)du (14)

where u, is the crack-opening displacement at the stationary edge of the
closure zone, Z in Fig. 5.

The integral in Eq. 14 is most conveniently taken in two parts, according
to whether the crack-op;ning displacement u is less or greater than u, in Fig.

3. For the first region we insert p(u) from Eq. 5a:

ut
Ty'(u) =+ (z'/r°>f0(p,,<u/u.>1/= - opldu

- (E'/To)axuz“ - (2Po/3ax)(ug/un)”2]n

(0 < u, < uv). (15a)
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For the second region we inserxt p(u) from Eqs. S5a and Sb:
Ti'(u) = + (E'/To)(fzipo(u/u.)"z - gy )du + f:?pu(l - u/u.))dul
+
= (E*/Te) (- ogu,. [l - (2pp/308) (u,/u.)d’?)
+ pgte (U« W) u (Y - [(up + u,)/2u.))),
(v, Sy, $u.). {15b)

To transform T, (u) to T,(c) wa must detexmine the zone-edge displacement
u, = u,(c) from an appropriate relation for the crack profile. In the spirit
of the weak-shielding approximation we use Sneddon's solution for the near-
field profile u(x,c) of a crack free of microstructural closure terms, but
with these same terms fncluded implicitly in the equilibrium requirement (K. =
To in Eq. 8) (8,9],

u(r,c) = ($To/E'ct/2)(c? - x2)1/2, (16)

Then the requisite crack-opening displacement u = u, = u(d,c) = u(c) at the

zone boundary r = d is
u, (€) = (YTo/E'ct/2)(c?® - d2)1/2, (dscsca). (17)

At the debonding/pullout crossover point u,(d,c,) = w,(c) = u, and critical

pullout point u,(d,c.) = u.(c) = u., Eq. 17 reduces to

u, = (YT, /E'cl/2)(c? - d2)l/2 (18a)

u. = YT,ci/2/E’ (c. >> d) (18b)

respectively, where c, and c. define the corresponding crack sizes.

3.2,3 Steady-state zone, c = c.. Once the critical first-intersected bridge
18




at Z (Fig. 5) is xuptured the entire bridging zone translates with the

advancing crack tip. In the limit c. >> d, Eq. 13 becomes

Ty = 0. (19)

Fox u, > u,, ¢, > c;, evaluation of Eq. 15b at u, = u, similarly gives

Tp! o=+ E'pyu./2T,, (u > u.). (20)

3.3 I-Curxve

We now have all the ingredients for constructing the T-curve. At this
stage it is convenient ta introduce some coefficients that characterise the
geometrical features of tha microstructure in relation to the grain size, 2
(Fig. 1). This introduces the concept of geometrical similicude: for
microstructures that change only in scale and not in the essential geometry

such coefficients remain invariant. Thus we define the following similitude

constants:
ag = d/t (21a)
a, = L/2 (21b)
a, = 2\/2 _ (21c)
¢, = 2u./L. (214)

The coefficient a; relates the bridge spacing to the grain size (unity for

equiaxed microstructures, Sect. 2.1), and generally defines the area fraction
of bridges (1/2a3); a, is the aspect ratio of the pullout grains, with L the
long (embedded) dimension (again, unity for equiaxed microstructures); a, is
the cross-sectional perimeter to grain-diameter ratio for the embedded grain
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(4 for grains of rectangular cross section); and ¢ is the "bridge rupture
strain". Then we may substitute into Eqs. 7 and 11-20 to determine T(c) = To

+ Ta(e) + Ti'(c) in the following crack-size regions:
T(e) = Ty - popcl?, (c < aql) (22a)

T(e) = Ty - yopet/2(1 - (2pp/30p) (c/ca )t/ (L - ads2/c2)dlt),
(ag2 S ¢ s ¢,)  (22b) '
T(c) = Ty - Yoxct/3(1 - (1 - a3L2/c2)M2 & (c,/e)M (1
- af£2/ct)MR (1 - (2py/30x) (s /)1 - a3 a2/ cd)i))
+ ppyct 2 (1 - a2 . (e, /e)M () - aZa2/c2)M 2 ()

- K[(e/e)2() - aF£2/c)M2 4 (e /e )MR(L - ala2/c?)UI2)),

(cy ScSc.) {(22¢)
T(c) = Tp + Mppyc.t/2 = T,, (= 2 c.) (22d)
with
Po = (&) ¢ appogE)2 /(22 - 1) (23a)
Py = oy appog (1l - 1/2a3) - (23b)
ce = (e a E'2/29T, )32 (23¢)

((c? - af2)/e,)t? = (epa E'2/29T,) (py/2p4)2 ([1

+ bpy(py + og) /P12 - 1)2, (234d)

the last (implicit) equation defining c,. Note it is only the spatial scaling
terms c. and ¢,, and not the stress scaling terms p, and p,, that depend on Z.
Evaluation of Eq. 22 indicates that T(c) drops below T, in its initial
extension within ¢ < d, but quickly increases above T, once the bridging zone
is entered and the crack extends beyond c,, ultimately saturating at its
steady state value for c = c.. We shall illustrate this general trend for our

20

A




model alumina material In Sect, 4 below.
3.4 gcrength Charactexistics for Indentation Flavs

Consider finally the conditions for Vickers half-penny indentation cracks
produced at load P to proceed to unlimited failure under the action of an
applied tensile stress o,. From those conditions we may cempute the jnerg
strxengeh o, (i.e. tha strength in the absence of any kinetic affects) as a
function of P, and thence astablish the basi{s for deconvolution of the T-curve

from experimental data.

Begin by writing K,(c) in Eq. 10 in the familiar form for such cracks:
Ky(c) = ¥o,clé + xp/cd!? (26)

where x is a coefficient danoting the intensity of the resfidual Vickers
elastic-plastic contact Jdeformatior field (22-24). At equilibrium, K,(c) =

T(c), we have
o, (e) = (1/¥et/)[T(c) - xB/cY?]. (25)

We now seek an instability condition for o,(c). Recall from Sect, 3.1
that the requirement for instability is dK,(c)/dc = dT(c)/dc. In terms of Eq.
25 this condition is eq;ivalenc to do,(c)/dc = 0 [13]). In general (as we
shall demonstrate in Sect. 4), o,(c) has two maxima, one on either side of c =
d: that at ¢ < 4 is governed by the shorter-range influence of the residual
contact field (K.); that at ¢ > d is governed by the longer-range influence
of the microstructural interaction (K, = - T,) (9]. The relative heigh's of

the two barriers is determined by the indentation load. Once the first
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baxrier (at ¢ < d) is surmounted the crack becomes unstable, However, the
2rack propagates spontaneously to failure only if the second barxrier (at ¢ >
d) is lower. If the second barrler is higher the crack will arrest on a
stable branch of the o,(c) curve (“pop in") before an unlimited instabilicy
can be achieved. Thus the gtrength o, is determined by the greater of the two
nmaxima,

1t remr..s to demenstrate how one may sclve Eq. 25 numerically foxr the
strength characteristic, and thence extract the T(c) cuxve, for a given

matarial system,

4.  CASE STUDY ON AN ALUMINA CERAMIC

We demonstrate the above fracture mechanics formalism by cnalysing
indentation-strength, o,(P), data for a particular polycrystalline alumina
cexamic. 2 This alumina, apart from exhibiting significant T-curve
characteristics, has served as a model material in previous studies of the
bridging mechanism [3,4,7). It is a pominally pure material with grain size 2
= 20 pm. In actuality, the material contains a small amount of sintering aid
(< 0.1% MgO and other oxide additive) and has a noticeably nonuniform,
nonequiaxed grain distribution (e.g. see micrographs in Ref. [7]), but we
shall regard these as mere "perturbations" of an otherwise regular
microstructure,

The analytical procedure involves selecting the parameters in Egs. 21, 22

and 25 to get an iterative best fit to the o,(P) data. It is similar in

2 Vistal grade Al,0;, Coors Ceramics Co., Golden, CO.
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principle to the procedure described in an earlier study (9}, but with some

refinements,.
4.1 Ficcing Procedure
The first step is to specify initial values for the T-curve paramaters:

(L) Macerial paxameters. First we specify Young's modulus E and Vickers
hardness H for our alumina. The values E = 393 GPa (Poisson’s ratio v = 0.20)
and hardness H = 19.1 GPa axe taken from eaxlier data [9). These valuas are
sufficiently accurate (< % 1% uncercainty) as to be treated as invarfants in
the iteration process.

The intrinsic grain boundary toughness T, and internal stress g, can not
be specified to the same degree of accuracy (probably not much better than *
308). For T, we write Ty/Tg = (1 - v5/275)}!% from Eqs. 8 and 9, with Tg =
3.1 MPa.m!/2 the toughness of single crystal sapphire [9): using a most
recent estimate 7, /75 = 1.05 (median) from dihedral angle measurements of
thermal grooves at grain-boundary/free-surface junctions in MgO-doped alumina
polycrystals [25]), we obtain T, = 2.1 MPa.m}/2; however, an earlier estimate
1a/7s = 0.54 in bicrystals [26] suggests that the true value of T, could be
somewhat larger. For o; we take a value 100 MPa (mean) from measurements of
the broadening of spectroscopic iines [27]). In view of the abovementioned
uncertainty level, T, and op are regarded as subject to minor adjustment.

(£1) Bridging parameters. The bridge rupture strain ¢, and the sliding
friction coefficient p are even more difficult to specify a priori. An

estimate of ¢; may be obtained directly from microscopic measurements of
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crack-opening displacements. For our alumina grain size £ = 20 um,
displacements u, = 1-2 pm have been observed at active bridging sites some
millimeters behind the crack tip, corresponding to ¢ = 0.05-0.10 (ec.g. from
micrographs in Ref. [7})). Reichl & Steinbrech {28], in a more detailed study
of several "pure" aluminas in the grain size range 3-17 um, found ¢ = 0.12.
This parameter probably depends strongly on the detailed grain geomatry, so
again we regard it as an adjustable, with ¢ = 0.10 as our starting value.

As with any dissipative quantity, the friction coefficient u is
notoxiously difficult to predetermine for any given material system. We have
already alluded to the existence of geometrical frregularities that might
augment g in the grain pullout configuration (Sect. 2.3), suggesting that ve
should not be surprised ro find unusually large values. A starting estimate
of this parameter is accordingly obtained by trial and error using the
algorithm described below (Sect. 4.2) in preliminary data-fit rums,

(i11) Flaw parameters. Next, we specify the parameters that
characterise the Vickers indentation flaws. We use "calibrated" values from
previous indentation studies [9): the geometrical constant ¢ = 1.24 (close to
value 1.27 for ideal penny cracks), and the residual-contact-intensity
coefficient x¥ = 4,0x10°3 (E/H)!/2, These are taken as invariants.

(iv) §1m111§u§g_pg;gmggg;§. Lastly, we specify the a similitude
parameters in Eq. 21. We take ay =1 = o and «; = 4, corresponding to an
ideally equiaxed and rectangular microstructure. We regard o; and a, as
invariants, noting from Eq. 23 that errors in these terms can be largely

accommodated in the adjustments of ¢, and p. The bridge spacing parameter oy

we allow to vary.
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We then use the following regression algorithm for best-fitting the ¢, (P)

data:

(1) After evaluating the scaling stress (pp, py) and spatial (c., ¢;)
terms in Eq. 23 using the starting parameters from Sect. 4.1, compute a trial
T-curve from Eq. 22.

(11) Compute the function o,(c) in Eq. 25 for each indentation load P
for which experimental data are available. Determine the strength o, as the
maximum in this function at each of these loads (recalling that i{f two maxima
exist it is the greater which determines o,).

(1ii) Compare computed strengths with measured values, and thence
evaluate the residual, §[a.(P)“,_c - 0. (P)ueas]?/(n - 1), over all n loads.

(iv) Increment the adjustables ¢, and g in a "coarse" first-run matrix
search routine (in steps 10% of starting values), and cycle (i) through (iii).
Invoke a minimum variance condition to determine interim best-fit values.

(v) Increment the adjustables ¢, u, Ty, og and ay in a "fine", second-
run routine (ultimately, in steps of 1% of starting value), and proceed

similarly to determine final best-fit values.

4.2 Results

The results of the data analysis for our model alumina are summarised in
Figs. 6-8, corresponding to final best-fit values ¢ = 0.135, p=1.80, T, =
2.50 MPa.m!/2, oy = 155 MPa and a4 = 1.50. We note that ¢, corresponds to the

Reichl & Steinbrech value quoted above; that p is substantial, as
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f~reshadowed in Sect, 2.3; that the values of T, and oy are not substantially
different from the first, trial estimates; and that a; corresponds to a
bridge at every third grain. In Fig. 6 the solid curve represents the fit to
the experimental o,(P) data points (errox bars on the data points representing
standard deviarions) (3}. The theoxy accounts for the major trends in the
data, in particular the tendency to a plateau strength at diminishing
indentation loads (shorter initial crack lengths).

Also plotted in Fig. 6, as the two dashed curves at left, are the
predicted responses for the same alumina corresponding to the following
hypothetical "toughness states": frictional stresses "swinched off", f{.e.
bridges removed (pp = 0 = py, d = =), but matrix internal stresses ever
present (o #0), T=T, - T,i frxictional and internal stresses switched off
(pp =0 =py, d=w, gp =0), T=T,. These two curves quantify the degrading
effect of the internal stress on the strength at low indentation loads (small
flaw sizes); and, conversely, the (over-) compensating elfect of the friction
at high loads (large flaw sizes), leading ultimately to the macroscopic
toughness state T = T,.

The deconvoluted T-curve corresponding to the data fit is shown in Fig.
7. The previously mentioned tendency for T(c) to drop below T, prior to
intersecting the first bridges at ¢ = d (Sect. 3.3) is apparent in this
diagram, This is a facet of T-curve behaviour that escapes detection in
traditional, large-scale crack tests, where the initial stages of crack
propagation generally occurs from ill-defined, rounded notches. The falloff
in T(c) continues in the immediate aftermath of the first bridge intersection
as the crack enters the debonding zone d < ¢ < ¢,, although in our material

this region is so small (c,/d < 1.01) as to Le undetectable in Fig. 7. Once
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the crack enters the frictional sliding zone ¢, S ¢ S c, the T-curve rise
rapidly uncil, at ¢ = c., it begins its familiar rise toward saturacion ac T =
Te. This plot shows again that the internal stress is an important factor in
the toughness characteristic; but that in the frictional contribucion it is
only the pullout, and not the debonding, that is important.

Figure 8 shows plots of applied stress vs crack size for our alumina at
different indentation loads. These plots illustrate the instabilities that
occur in the crack evolution to failure. At large P it is the second maximum,
i.e. the maximum associated with the bridging, that dominates [9]). Within the
plateau strength region of Fig. 6 the initial crack "pops in" before growing
stably to failure, consistent with observation {7}. The stabilising effect of
the bridging is evident in this region as the relacively insensitivity of the
second maximum to P. At very small P it is the first maximum, assocfated with
the residual contact field, that dominates. In principle, indentations in
this region should allow us to explore the extreme left-hand branch of the
0,(P) plot in Fig. 6, but the almost invariable presence of natural flaws in
the size range ¢ > d generally precludes the possibility of exceeding the

plateau strength level {3,9].

5. GRAIN-SYZE DEPENDENCE OF STRENCTH

Let us demonstrate the versatility of the "calibrated" formulation above
by considering the grain-size dependence of the T-curve, T{c), and thence the
indentation-strength function, o,(P), for alumina ceramics. There are few

systematic experimental studies of such grain-size dependencies in alumina
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(or, indeed, in any other polcrystalline ceramic material) in the literacure.
However, there are some earlier indentation-strength data for two aluminas,
nominally pure with grain sizes 3 pm and 25 um, that we may usefully compare
with the results for our reference material in Sect 4 [3]. ¥ Also, there are
some unpublished bend-strength data by Charles & Shaw [29) on as-fired “pure"
aluminas with grain sizes in the range 6-150 pm that allow a tentative
investigation of the underlying o,(2) relation for "natural" flaws,

Consider first the indentation-strength data (3) for the 3 gm and 25 um
aluminas in Fig. 9. We make our comparison by generating the appropriate
da(P) functions using precisely the same best-fit parameters as obtained in
Sect. 4, but with £ appropriately adjusted. These functions are plotted as
the solid curves in Fig. 9, along with their counterpart for ! = 20 pm (dashed
line) from Fig. 6. The calibrated theory therefore has the capacity to
predict at least gqualitative trends in strength and toughness characteristics
with change in the important microstructural parameters.

The informational value of comparative predictions of the type
fllustrated in Fig. 9 i{s manifest in the way the curves cross each other. It
becomes clear that there can be no simple, single grain-size dependence of
strength for materials with strong T-curves (R-curves). In particular, the
familiar £27'/2 (Hall-Petch) dependence does not appear to be obeyed in any
crack-size region. Thu;. whereas the plateau o, tends to diminish with
increasing £ at low loads (small c), the dependence on £ is somewhat less
strong than 27172, At high loads (large c), o, actually increases with Z£.

Now consider how the theory compares with the available oj(£) data [29]

3 AD999 grade (3 pm), and heat-treated Vistal grade (25 um). Coors

Ceramics Co., Golden, CO,
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for failures from "natural” flaws, Fig. 10. The solid line appropriacely
represents cthe predicted dependence of plateau strength for flaws wichout any
residual nucleation fleld (i.e. K. = 0), once more using the best-fit
parameters from tha reference alumina material and treating £ as an
independent variable. We may note that the slope of this line is close to
1/3; and that a force-fitted line with the classical Hall-Petch slope 1/2

catnot be made to pass through the error bars on the data points.

5.  DISCUSSION

Our toughness/crack-size (T-curve, or R-curve) model is based on a
physical microstructural constitutive relation for crack interfacial bridging,
in which theTaal expansion mismatch stresses are a governing factor in
determining dissipative Coulombic frictional pullout tractions at intarlocking
grains. The model accounts for the major features of the T-curve function,
notably the magnitude and range, for nontransforming ceramics. We emphasise,
however, that our T(c) functions have had to be best-fitted to the
experimental (indentation-strength) data, with adjustable parameters. In
addition, the formulation embodies several approximations, e.g. waak-
shielding, undistorted Sneddon crack profile, negligible transgranular
fracture. Furthermore, we have given explicit consideration here to just one
ceramic material, alumina. Accordingly, any "goodness of fit" evident in the
analysis of Sects. 4 and 5 is not to be construed as proving the general
validity of the bridging model. Such proof comes from independent, in situ
observation of crack micromechanics on this alumina [7) as well as on a wide

range of other nontransforming ceramics [10], not from conventional
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macroscopic fracture mechanics measurements. However, the fit does confixm
that the bridging model can account for most documented characteristics of T-
curve (R-curve) hehaviour, e.g. the flaw tolerance quality and grain-size
depeandencies.

Moreover, once the T(c) function has been "callibrated" against a
"reference" data set, as in Sect. 3, we have the power to predict how the T-
curve and associated o, (P) functions should vary with changes in the
microstructure. We alluded to this power in our brief consideration of the
strength/grain-size dependence for alumina ceramics in Sect. 4. A more
detailed study of the o, (%) dependence in aluminas is currently under way
(30). Similar dependencies of strength on grain boundary toughness (T,),
internal stress level (o,), grain-grain friction coefficient (u), may be
similarly evaluated. These are additional factors that might be
systematically adjusted by material processors to improve strength
characteristics. Thus we have a physically sound basis for optimising che
microstructures of the broad range of structural ceramic materials whose
toughness behaviour is governed by the bridging mechanism.

The a_priori specification of a constitutive srress-separation law is
manifestly the single most important factor that distinguishes the present
analysis from previous treatments (8,9]. The inclusion of the internal stress
parameter o, is an espeéially unique feature. 1Its strong influence on the
mechanical response is apparent in Figs. 6 and 7: in Fig. 6 as the comparison
between solid o, (P) curve (data fit for fully bridged crack) and central
dashed curve (zero internal stress, zero bridging), indicative of a
countervailing lowering and raising of the strength at small and large crack

sizes respectively; in Fig.7 correspondingly as the initially falling (c < d)
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but ultimately rising T(c) curve (c >> d). We see that the influence of v,
can be deleterfous at small c, but that this deleterious influeace may be more
than compensated, via the dissipative frictional sliding interaction, at laxrge
¢, The route to flaw tolerance is therefore a delicate one of balancing
positive and negative elements of inbuilt stress states at opposice ends of
the flaw-size spectrum.

It {s useful to pursue the issue of short cracks vs long cracks in the
context of traditional fracture mechanics testing. Soma recent experimental
results reported by Steinbrech & Schmenkel {12} on a nominally pure alumina of
grain size £ = 13 pm are especially well suited for this purpose. Those
authors measured crack growth from single-edge-notched beam specimens to
obtain T(c) data on the macroscopic scale, and from naturally occurring flaws
in four-point-bend specimens to obtain compfr:cive data on the microscopic
scale. Their results are plotted in Fig. 11, togaether with the thaoretically
predicted curve for the appropriate grain size from our "calibrated" Eq. 22.
The theoretical curve appears at least to reflect the broader trends of the
rising T(c) curve large c, although we can hardly expect any such
extrapolation of the indentation-strength-calibrated curve to provide an
accurate representation in this long-crack domain. Conversely, it is evident
that there are important features of the T(c) function at small ¢ which may
not be readily quantifi;d by experimentation with long-crack specimens. In
particular, the falloff in T(c) at ¢ < d associated with internal tensile
matrix stresses will generally pass unnoticed in such specimens. This is the
domain of short cracks, where microstructure-scale instabilities in the
initial growth (e.g. the initial "pop-in" referred to in Sect. 4) can occur.

If this last point concerning short-crack instabilities is not readily
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apparent in conventional crack-growth tests, it certainly is manifest in one
srell-documented aspect of the fracture behaviour of ceramics. This is the
tendency of those ceramics with large internal stresses to exhibit spontaneous
microfracture at some critical grain size. Let us note that the shape of the
diminishing T(c) curve in Fig. 7 prior to the first bridge finctersection at ¢ =
d is independent of grain size £ (Eq. 22a). The effect of increasing d will
thus be to extend this portion of the T(c) curve further downward. If we were
to scale up £ such that T(c) were to intersect the c-axis before the condition
¢ = d {s satisfied, then pre-existing flaws would becoma amenable to unstable
axtensfion without any extarnal load applied. Hence the phenomenon of
spontanaous microfracture may be seen as a natural, limiting consequence of
our model,

The implications of the bridging mechanics presented here extend beyond
the immediate qutstion of inert strength, to fatigue and lifetime analysis

{31) and to wear propercies of brictle ceramics [32].
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APPENDIX: Calculstion of Frictional Debonding Stress-Separation Function

In this Appendix we reproduce the essence of a calculation by Marshall &
Evans (17} for frictional debonding. We assume that debonding begins at the
crack plane and works itself up the matrix-grain interface a distance Y as the
crack walls separate through displacement u, Fig. 2. At first, we suppose
only that shear-lag tractions r(y) do exist, and only later connect these
tractions with internal stresses.

Consider an elemental area of matrix-grain interface bounded by y and y +
dy. At equilibrium, the frictional traction r over this area must be balanced
by the axial internal stress o(y) in the embedded grain, i.e. £2do(y) = -

rAdy, or,
do/dy = - rA/L%, (Al)

This equation may be integrated at constant r (neglecting any elastic stresses
aty > Y), over y =0 to y =Y. We take as boundary conditions o¢(0) =

Po (£2/2d%) (recall from Eq. 2 that £2/2d? is area fraction of bridges) and
o(Y) = py, where p, is the stress exerted by the embedded grain in the absence

of any residual stresses. The integration gives
Po = (rAY/£2)/(2d42/£2 - 1) (A2)

The strain in the grain (measured relative to the strain endured if sliding

were to be prevented [17]) at the debond length Y is
u/Y = W(p,/E)(2d%2/£% - 1). (a3)
where the factor two is because the strain has a linear gradient along y.
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Eliminating Y from Eqs. A2 and A3 gives
Po (uy = (2rEAu/82)112 /(242 /2% - 1), (AG)

Now suppose that the Friction is Coulombic, i.e. due to residual internal

stresses, Then we may write immediately, r = poy. In addition, we must

replace p, by p, + ox, to allow for the residual opening force exerted by the
embedded grain on the matrix at zero crack-wall displacement {17]}. With Eq.

2, these modifications lead to our final constitutive relation for debonding,
p(u) = ({2pop EA/L2)H/2/(282/2 - 1)IuM/2 - gy (A5)

as per Eq. 3 in the text,
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FIGURE CAPTIONS

1. Schematic geometry of bridged interface, in rectangular "lattice"
representacion of microstructure: (a) projection normal to crack plane;
(b) profile view along crack plane, Shaded areas denote bridging grains.
Characteristic dimonsions £, grain size, d, bridge spacing. (The factor
2 in our definition of the bridge separation is so that later in Fig. 4

we may conveniently delineate the region between no-bridging and bridging

simply by ¢ = d.)

2. Stages of frictional grain detachment from matrix at separating
interface. (a) Initial debonding stage, with progression of shear crack
up the grain-matrix walls to 2y = 2Y at separation 2u. (b) Subsequent
sliding pullout to disengagement at 2u = 2u,. Long grain dimension L is

limiting value that 2Y or 2u, may attain.

3. Schematic plot of p(u) closure function, Eq. 5. Area under the
composite, solid curve is a measure of the energy absorbed by the

debonding-pullout bridging process.

4, Growth of penny-like crack in bridging field; (a) side view, (b)
projection view. Crack experiences only matrix tensile stresses up to
first intersection with bridges at ¢ = d. Thereafter, internal stresses

rapidly average out to zero across crack plane, and frictional closure

forces dominate.
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Coordinate system for crack-interface bridging. C denotes crack tip, 2

the edge of the bridging zone at ¢ = d.

Plot of o,(P) for selected alumina material of grain size £ = 20 pm.
Points with standard deviation error bars are experimental data from
reference [3). Solid curve is best fit of bridging theory to these
points. Dashed curve at extreme left is corresponding hypothetical curve
for same material with matrix tensile stresses present but with no
bridging tractions (T = T, - T.); central dashed curve corresponds to

same material but with no bridging or internal stresses (T = To) -

Deconvoluted toughness T(c) function, Eq. 22, for selected alumina,
corresponding to data fit in Fig. 6. The falloff in the function below
To prior to first bridge intersection at ¢ = d is indicative of the
initially deleterious effect of (tensile) matrix internal stresses.
Thereafter the crack becomes dominated by the beneficial influence of
frictional grain pullout tractions, whence the curve rises above T, again

to its saturation value T, at ¢ = c,.

Plots of o,(c), Eq, 25, for selected alumina, using the parametric
determinations from Figs. 6 and 7. Curves are for indentation loads P
covering the data range in Fig. 6: a, 0.2 N; b, 1 N;, ¢, 2N; d, 10

N; e, 100 N; £, 1000 N.
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10.

11.

Plots of ¢,(P) for alumina materials of grain size £ = 3 and 25 um.
Points with standard deviation error bars are experimental data from
reference [3]. Solid curves are predictions of bridging theory
appropriate to these grain sizes, using best-fit parameters from the
reference alumina material (£ = 20 gm) from Fig. 6. (Reference a,(P)

curve included here as dashed curve fox comparison.)

Scrength vs grain size for polycrystalline alumina. Data points from
Ref. [29], means and standard deviations of inert bend strengths for
specimens with "natural" flaws (as-fired "Lucalox®" specimens). Solid
line from bridging theory, predicted plateau strengths for natural flaws,
using best-fit parameters from the reference alumina material. (Arrow on
data point at £ = 66 pm indicates a material with exceptionally broad

grain size distribution [29].)

Comparison of T(c) data obtained by Steinbrech & Schmenkel [12] (shaded
areas) on a nominally pure alumina of grain size £ = 13 pm using surface
cracks (SC) in four-point bend and single-edge-notched-beam (SENB) and

specimens with small-scale flaws with theoretically-predicted curve from

present analysis,
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ABSTRACT

Fatigue propercies in the noncyclic loading of ceramics with R-curves are
studied. Particular attention is directed to the potential role of R-curves
in cthe enhancement of fatigue limits. A numerical algorithm for solving the
appropriate differential equations of rate-dependent failure is developed.

Our formalism specifically incorporates a crack-size dependent toughness
function, based on grain-localised interfacial bridging, and a hyperbolic-sine
velocity function, representative of a fundamental activation process. In a
case study, dynamic fatigue (constant stressing rate) and static facigue
(constant applied stress) data for a coarse-grained alumina with a pronounced
R-curve are analysed. With foreknowledge of the toughness parameters, the
intrinsic crack-tip velocity function is deconvoluted. This intrinsic
function is distinguished from the usual "apparent", or "shielded", (and
demonstrably nonunique) function determined directly from the external load.
It is confirmed that the R-curve, by virtue of its stablising influence on the
crack growth, significantly enhances the fatigue limit, and confers the

quality of "flaw tolerance" on fatigue lifetimes.




1. INTRODUCTYION

Brittle solids are susceptible to delayed failure induced by "slow"
growth of flaws to critical dimensions [1]. In the ceramics community such
delayed fafilure is referred to as "fatigue", even for noncyclic loading
conditions, e.g. constant stress ("static" fatigue) or constant stressing rate
("dynamic" fatigue). Experimental data are usually represented as linear
plots on appropriate (logarithmic-coordinate) fatigue diagrams (applied stress
vs failure time, or failure stress vs stressing rate), the slopes of which
determine a fatigue "susceptibility". Embodied in most analytical treatments
of these plots are certain idealisations concerning the fracture mechanics,
e.g. that the strength-controlling flaws are free of any residual driving
forces and that the material has a single-valued toughness, such that the
(inverse) susceptibility is directly identifiable with the exponent in a
power-law crack velocity relation [2,3]. Characteristic features of such
treatments are: (i) an implied uniqueness of the crack velocity vs mechanical
energy release rate (v-G) function for a given material-environment system;
(ii) a critical dependence of the ensuing lifetime characteristics on the
initial flaw size.

An important shortcoming of the conventional log-linear analysis of time-
to-failure behaviour 1n‘ceramics is the lack of provision for a fatigue limit.
The existence of a bounding applied stress, o,;, say, below which a component
effectively has infinite lifetime is an attractive prospect in engineering
design. Efforts to detect such lower bounds as deviations from linear
response in the long-lifetime domain of fatigue diagrams have been few, due

partly to the notorious scatter in strength-related data and partly to self-




fmposed shoxt-term restrictions on data accumulation. This despite a well
established precadent for analogous fatigue limits in the metals literature
{4). A study by Cook (5] on sapphire, using indentation flaws to reduce the
scatter and extend the range of constant stressing rate data, {s one
exception. That author attributes the observation of an asymptotic lower
limit in the sapphire strength to a ghreshold in the underlying crack velocity
function, {.e. to the existence of a zero velocity state at (positive) nonzero
applied load. Cook used a power-law velocity function in stress intensicy
factor K with cutoff to describe this threshold; we shall assert that the
velocity function is written more justifiably as a hyperbolic sine in G - 27,
where v is a thermodynamic surface energy. Direct measurements of rate-
dependent crack growth in large-scale crack specimens of other brittle
materials (6,7] suggest that velocity thresholds, and thence fatigue limits,
might be more prevalent in ceramics than previously suspected. In any event,
it seems apparent that anything we could do to the material system to augment
this threshold would surely stand to improve lifetime characteristics.

There is a way in which improvement of this kind might be achieved, and
that is to make use of the crack-stabilising effect of R-curve (or T-curve)
behaviour, i.e. a systematically increasing crack resistance R (or,
equivalencly, toughness T), with extension {15]. R-curve behaviour arises
because of the shielding of the crack by some microstructure-associated
energy-df ~sipative process in the region immediately surrounding the cip. It
is now appreciated toxt many nontransforming ceramics exhibit such behaviour
[8-16]. It has been argued on qualitative grounds that the restraining
influence of shielding should extend to rate dependent crack growth [17], and

there is some experimental evidence in support of this contention in zirconia




material systems [18). However, the possibility of using shielding to improve
lower-limic strength levels does not seem to have attracted much attention in
the literature.

In the present paper we explore this last possibility. As a case study,
we examine a material with pronounced R-curve behaviour, a coarse-grained
alumina of a kind that has been investigated extensively in inert-environment
(equilibrium) indentation-strength studies {10,12,14,15]. The Recurve
behaviour in polycrystalline alumina is due to persistent grain-localised
bridging at the intexface behind the (intergranularly) propagating crack tip.
In developing a fatigue formalism we proceed in a manner similar to that
described in earlier indentation-flaw facigue studies [19-23] for materials
with single-valued toughnesses, but with proper refinements. Now, we
incorporate specific information on the R-curve (evaluated from control,
inert-environment indentation-strength tests [15) on the same material) into a
general hyperbolic sine v-G function to establish a starting differential
equation. A numerical algorithm is thereby set up to obtain lifetime
solutions for prescribed time-dependent applied load states (constant
stressing rate, constant stress). The algorithm is used to fit dynamic and
static fatigue data on our alumina, and thence to determine unknown parameters
in the v-G function.

More general 1mpli;acions of the analysis are then discussed: (i) We
confirm that the R-curve, because of its stablising influence on the crack
growth, strongly enhances the fatigue limit. Indeed, we argue that a fatigue
limit may even be apparent in materials that exhibit no natural threshold in
the v-G relation. (ii) We stress that the calibrated crack velocity function

is the intrinsic v-G. relation for the material-environment system, i.e. the




fundamental relation that expressly determinas the crack-tip motion. This
velacion is to be distinguished from the “enginearing" v-G, relation that
would normally be obtained by monitoring the external load on the system. It
is suggested that the intrinsic velocity relation may not be readily obtained
in traditional large-crack tests, because of a history-dependence of the
shielding component in G. Consequently, contrary to conventional expectation,
the apparent, v-G, relation will generally not be upfque. (iii) We show that
the fatigue lifetimes are not strongly dependent on initial flaw size; the
quality of flaw tolerance in the strength characteristics for materials with
R-curves [24] extends to fatigue properties.

Finally, the versacility of the procedure is indicated; once the
velocity equation is calibrated, the algorithm may be used for g priori
predictions of the fatigue response in othexr, potentially more complex (e.g.

cyclic) loading modes,

2. [FRACTURE MECHANICS

In this section we outline the theoretical basis for determining failure
lifetimes for ceramics with threshold crack velocity functions and with rising
R-curves. We focus speéifically on nontransforming materials whose R-curve is
attributable to crack-interface bridging, although it i{s emphasised that the
logical procedure for the analysis will be the same for other crack resistance
processes. We start by writing expressions for the crack-size dependence of
the mechanical energy release rate G(c), or the stress intensity factor K(c),

incorporating the microstructural features that account for the toughness




variacion. Then we combine these expressions with the crack velocity relation
v(G) to introduce a criterion for rate-dependent extension. Given the time
dependance of the applied stress, o,(t), a differsancial equacion for the crack
growth evolution can be constructed. The aim of the exercise is to evaluate
this differential equacion to determine the failure time, i.e. the cime to
take the inftial strength-controlling flaw to a critical dimension for
unlimiced unstable propagation. Our analysis will be directed to controlled
indentation flaws, but we stress at the outset that the formulation in this

section is applicable to all flaw types,

2.1 Crack Driving Force and the R-Curve

Consider first the mechanical driving force acting on the crack tip. As
we shall argue in the next subsection, it is useful to express this driving
force ultimately as a mechanical energy release rate G. For the special case
of crack propagation in the absence of any enviroumentul effects, the

fundamental, Grifficth condition for crack extension is expressidble in terms of

the energy release rate G.(c) at the crgck tip,
Ge = 27, (equilibrium) (1)

where v, is the fracture surface energy in inert atmospheres. In specifying
9o it is important to identify the mode of fracture: for our case study in
Sect. 3 below we shall be concerned primarily with a polycrystalline material
that shows essentially intergranular fracture, so that v, must ultimately be
relatable to a grain boundary energy.

To make full use of the superposability of linear stress fields it is




convenient to formulate the problem in terms of stress intensity factor
notation K. Accordingly, we seek an expression for K.{c), the net K-field

experienced at the crack ¢i{p, and convert to G.(c) using the plane-strain

transformation relation
G. = K2/E' (2)

where E'= E/(1 - »?), with E Young's modulus and v Poisson's ratio [25). The

net scress intensity factor will generally be made up of three components:
K. (e) = K, (c) + K (¢) + K, (c). )

(1) K ,(c) is the familiar contribution from the externally applied loading
system. In most traditional treatments this is the only component that is
considered. (ii) K. (c) is the contribution from any residual local stress
fields associated with the formation of the crack. This is certainly an
important term for the indentation flaws to be considered later, and may also
be a significant factor in many naturally occurring flaw types. (iii) K,(c)
is che contribution from the microstructural elemeuts that are responsible for
the R-curve. It is usually (not necessarily always) negative (closure field).
The second and third terms in Eq. 3 together effectively shield the crack tip
field from the remote loading: it is only when these two terms are zero that
we may revert to the siﬁplistic identification of K, with K. that {s implicit
in most fatigue analyses for ceramic materials.

We need to specify the form of K,(c) for materials that exhibit R-curve
behaviour by virtue of a crack-interface bridging mechanism. In the most
recent analysis [15], the bridging restraint is modelled in terms of a "tail-

dominated" stress-separation constitutive relation for interlocking grains on




either side of the crack intexface, The interlocking is assumed to be
governed by internal, matvix thermal expansion mismatch stresses, which
“clamp" the bridging grains as the opposite crack walls separate. The bridges
break by first debonding along the grain boundaries, and then sliding at these
constrained boundaries until separaction is complete., Coulomb friction at the
grain-matrix interface during cthe latter, pullout stage accounts for the bulk
of the energy dissipation responsible for the rising R-curve.

Suppose that our bridged crack system has essentially penny-like
geometry, Fig. 1, as is pertinent to many flaw types and especially to
indentation flaws. The solutions for the microstructural stress intensity
factor may be derived in the pullout-dominated limit of a linearly diminishing
constitutive relation butween closure-stress p and (half) crack-opening

displacement u {15};

p(u) = py(l - u/u,), (0 susuy) (&)

vhere py is the maximum resistance stress (at u = 0) and u, is (half) the
wall-wall displacement at grain-matrix disengagement (at p = 0). These last

two parameters may be written more explicitly for rectangular, equiaxed

microstructures as [15)

Py = (buoguy2/d?)(2d2/2% - 1) (5a)

u, = €,4/2 (5b)

with £ mean grain diameter, d bridge spacing, p coefficient of sliding
friction, oy magnitude of the internal stress, and € bridge rupture strain.

The solutions may be subdivided into three domains [15]:




(1) Precursor Tensile Zone (c < %', Wichin this small-crack region no
bridges are intersected, and the crack experiences only matrix tensile

stresses +oy. There is a net driving fouce,
xp (C) = WRC”z. (6)

where y is a geometry-dependent coefficient appropriate to penny cracks.

(ii) Bridging Zone (c = d, 0 S u s yu,). The crack intersects bridges, and
thereby has a positive component due to the persistent matrix tensile stresses
and a countervailing component due to the integrated effect of the bridging
tractions in Eq. 4. In the approximation of "small shielding" (appropriate to

ceramics with modest toughening [15])) we derive

K,(c) = dopct/2(1 - (1 - d?/c?)H2) - (E'py/Ka)(ug (L - u/20)] ()

where u, is (half) the crack-opening displacement at the stationary edge of
the closure zone, i.e. location Z at r = d in Fig. 2. The quantity u,(c) is
determined separately from the Sneddon approximation for the crack profile

equation at tip field K.,

uz(e) = (¥K./E')[(c? - d?)/e]t/2, (8)

(iii) Satvration Zome (¢ >> d, u 2 u,). Ultimately, the first-intersected
bridge at Z is pulled out and the bridging zone translates along with the

crack. In this large-bridging domain only the second, closure term in Eq. 7

i{s significant, and this reduces to

K,(c) = - E'pyu,/2K. €))




We note that K, depends on K. in Eqs. 7-9, so that Eq. 3 becomes an

fmplicit function for the crack-tip stress intensity factor.
2.2 ¢Crack Extension Condition and the Valocity Function

Now consider the v-G relation that defines the fundamental kinetic
condition for crack growth. We reiterate that the proper machanical energy
release rate in this relation is that experienced at the c¢rack tip, i.e. G..
We alluded in Sect. 1 to the shortcomings of the commonly used power-law
function. The sole justification for retention of the empirical power-law
function in traditional reliability formalisms has been the closed-form
integrability of tha ensuing fatigue lifetime differential equation (1-3].
However, with the introduction of the complex R-curve phenomenology into the
G. (¢} and K. {c) relations (Sect. 2.1), clcsed-form solutions are no longer
feasible; there is thus nothing to be lost by introducing a physically-based,
if more complex, velocity function, in rarticular one that provides for a
threshold.

Accordingly, we resort to a hyperbolic sine function, based on the
underlying notfion of stress-enhanced thermal activation over atomically

localised energy barriers [5,26-28]):

v(G.) = vysinh[(G. - 2v,)/2I'], (24, S G. S 275) (10a)
v(G.) = 0, (27, > G.) (10b)
v(G.) = Vi, (270 < G.) (10c)

where v, is the fracture surface energy in the presence of the reactive

10




environment (i.e. lowered from v,), v, and [ are intercept and slope
(susceptibility) parxameters, and v; is a terminal velocity (= 10 m.s"}),
Again, the value of v, is that corresponding to intergranular fracture. The
velocity function v(G.) is sketched in Fig. 3. Note the provision in Eq. 10a
for a threshold. The insistence that the velocity be zero at G. < Zy, in Eq.
10b is consistent with the practical experience that cracks generally do not
heal in polycrystalline materials. At G, > 2y, the crack is able to propagate
even in the absence of reactive environment (cf. Eq. 1), and rapidly attains
dynamic velocities. Within these two cutoff extvemes the velocity closely

approximates an exponential dependenca on G..

2.3 Differential Equation for “"Scatic” and “Dynamic” Fatigue of Indentation

Flaws

Finally, we develop the formalism for crack systems in time-dependent
applied stress fields, o, = o, (t), as pertains to strength considerations.

For uniform stresses we may immediately write
K, (c) = o cl/2 (11)

for che applied stress intensity factor in Eq. 3. The applied stress states

o,(t) of specific interest to us here are those of so-called "static fatigue"
o, = const., (12a)
and "dynamic fatigue"

0, = 0,/t = const, (12b)

11




Also of specific interest here are ind .ntacion flaws. This flaw type is

discinguished by a residual contact field {29)
K. (c) = xP/c3/? (13)

witl. P the contact load and x an elastic-plastic coefficient (14,29},

Wricing v = dc/dt, Eq. 10 may be combined with Eqs, 2-9 and 11-13 into a
differential equation for c(t) at fixed load P and stress o, or stress rate
&.. This composite differential equation has to be solved for the time to
grow the crack from an initial equilibrium state to final instability, i.e.
the "time to failure". Usually (but not always - see Sect. 4), the initial
crack size c; is calculated from Eqs. 2-9 by setting G.(c;) = 27, (zero
velocity) at K, = 0; likewise, the final crack size c, is determined as the
configuration G.(c,) = 27, (dynamic velocity) at which the system achieves
uninterrupted propagation (see Sect. 3).

It is pointed out that Eqs. 11-13 are special cases, and that our
formalism in Sects. 2.1 and 2.2 is readily extendable to any general loading

configuration, K, [o,(t)]), and to any residual stress state for the strength-

controlling flaw, K. (c).

2.4 Numerical algorithm for solutiop of fatigue differentiasl equation

We have indicated that the general differential equation for kinetic
crack growth in materials with R-curves has no closed-form solution. It is
necessary to resort to numerical analysis. Consequently, a suitably expanded
version of an earlier computer algorithm [19,20} for determining static and

dynamic fatigue times is employed. The algorithm increments ¢ and t in Eq. 10

12
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in a Runge-Kutta stepwise integration procedure, readjusting o,(t) (where
necessary, e.g. dynamic fatigue), hence G.(c,t) (after iterative solution of
implicit expression for K., Eq. 3 - see Sect. 2.1), at cach step.

Special attention to the stepping procedure in this algorithm is in
oxdexr, owing to the typically enormous range of crack velocities embraced in
the evolution to failure; a fixed increment in time runs the very clear risk
. of stalling the evaluation in the regions of slow growth and, conversely, of

blowing it up in the regions of fast growth. It is necessary to adopt a
stepping strategy that provides a reasonable compromise between accuracy and
time of computation. Consequently, our algorithm incorporates computational
elements that allow for automatic readjustment of the increments, according to
the instantaneous velocity. One of these elements involves an inversion of
the underlying differential equation, dc/dt = v(c,t): at low velocities (i.e.
relative to v, - see Fig. 2), the equation retains its normal form - time is
incremented, and the corresponding crack step determined from dc = v(c,t)dt;
conversely, at high velocities, we rewrite the equation as dt/dec = 1/v(c,t) -
now ¢crack size is incremented, and the Runge-Kutta routine suitably modified
to determine the time step dt = dc/v(c,t).

Another critical element in our algorithm is a provision to allow for
intermediate, "pop-in" instabilities in the crack evolution. Such pre-failure
jump-arrest events are indeed characteristic of materials with R-curves
{12,13,30]. Consequently, a routine for predetermining all the unstable crack
sizes, by solving Eq. 1 at dG./dc > 0 in conjunction with Eqs. 2-9, is used to
ensure that the program is not stopped before the final, true failure

instability is attained.

Once the R-curve and crack velocity parameters are specified, we may
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predetermine the fatigue characteristics for a given material-environment
system: static fatigue curves directly as the times to fajilure t, at
specified applied stresses o,; dynamic fatigue curves as the fatigue

strengths o, = o,t, at specified stressing rates o,.

3. RESULTS

3.1 Experimental Procedure

Let us now demonstrate the formalism by analysing indentation-strength
data on a commercial polycrystalline alumina ceramic, nominally pure (< 0.1 %
additive) with grain size £ = 23 um. ! The material is ostensibly the same as
used in preceding studies {10,12,15,23), but was obtained from a new bacch.
The intergranular-fracture, crack-interface bridging mechanism considered in
Sect. 2.1 has been identified in this material [12], and the associated R-
curve characteristics documented (15]. Dynamic fatigue test results in water
have also been reported [23]. However, to avoid possible discrepancies from
batch-to-batch variations, we obtain an eptirely fresh set of data here.

Accordingly, speciTens were tested in the form of discs. approximately 22
mm diameter and 2 mm thickness. Controlled Vickers indentation flaws were
introduced at the centres of the prospective tensile faces of each specimen.
The indentations were immediately covered with silicone oil, for inert
strength tests, or with water, for fatigue tests., A biaxial loading fixture,

with a flat circular punch of diameter 4 mm on three-point support of diameter

1 Vistal grade Al,0,, Coors Ceramic Co., Golden, CO
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19 mm, was used to break the specimens, and the surface tensile stress o,
computed from thin plate formulae [10). For the determination of inerc
strengths (¢, = 0,), the contact loads covered a broad range (P = 3-300 N),
and the breaks made at fast stressing rates (> 10* MPa.s”!). For the fatigue
tests, a single, intermediate load (P = 30 N) was used. Dynamic fatigue
strengths (o, = o,) were determined over sever. decades of constant stressing
rates (o, = 1073-10** MPa.s"!), using a piezoelectric load cell [23] to extend
the tests as far as practicable into the short-duration region (< 20 ms);
static fatigue times to failure (t,) were determined at prescribed applied
stresses (o, = const.) (ramp time < 6 s).

In all tests the broken specimens were examined to verify the indentation

site as the origin of failure. Exceptions were excluded from the data pool.

3.2 Ipert Strepgth Data and the R-curve Parameters

The inert strength data, o,(P), are shown in Fig. 4. These strength data
tend strongly away from the conventional P"!/3 dependence for materials with a
single-valued toughness, toward a plateau at low P. The plateau is a measure
of the flaw tolerance associated with R-curve behaviour [13-15]. A bridging
parameter adjustment ro%tine, iterating on Eqs. 2-9 [15], is used to obtain
the best-fit solid curve in this diagram. Assuming E' = 413 GPa, y = 1.24 and
x = 0.018 for the alumina (15}, we obtain our fit with the following parameter
values: 7, = 5.6 J.m"? (grain boundary), €, =0.120, p = 1.80, oy = 155 MPa

and d = 35 pm. This set of parameters determines the R-curve, 2

These parameters are similar to those in determined Ref. [15],
except that vy, is about 15% lower, suggesting that our new batch of
material may have slightly weaker grain boundaries.
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It is instructive to insert Eqs. 3-9 into Eq. 2, and thence to evaluate
the critical function G.(s) corresponding to the inert strength data point at
P =30 N, o, = 220 MPa, in Fig. 4. This function is plotted as the upper
curve in Fig. 5. We note the principal minimum at G. = 2y,, representing the

configuration at failure,

3.3 Fatigue Datg and the Crack Velocity Parameters

The dynamic and static fatigue results for our alumina are plotted in
Figs. 6 and 7, respectively. There is a strong asymptotic tendency to a
fatigue stress limit, o,,,, {n the long-time regions of both these plots.
This tendency is most apparent in Fig. 7, reflecting a bias in the static
testing methodology toward longer test durations; indeed, the data in Fig. 7
seem to lie almost exclusively in the fatigue-limit domain. At short times
the data must saturate at the inert strength level; only in the dynamic data
of Fig. 6 is the test duration short enough to indicate that this upper limit
is in fact being approached.

The solid curves are best fits to the data, obtained using the R-curve
parameters evaluated above (Sect. 3.1) and adjusting the crack velocity

parameters in Eq. 10. The procedure adopted for determining the velucity

parameters involves two steps:

(i) The surface energy term, 7,, is evaluated from an estimate of the
asymptotic fatigue limit, o,,, = 129 MPa, in Figs. 6 and 7. First we
determine the critical function G, (c) appropriate to o,,., at indentation load

P = 30 N, in exactly the same way as done previously for the inert strength
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On, L.e. upper curve in Fig. 5. The new function is plotted as the lower
curve in the same figure. Since the fatigue limit represents the applied
stress leavel below which the crack at some point in fts evolution ceases all
growth, the principal minimum in this lower curve necessarily defines the
threshold state G,(c) = 2y, (i.e. v =0 in Eq. 10); hence from Fig. 5 we

obtain v, = 1.20 J.m"2,

(ii) The parameters v, and I' are now adjusted to give the best fit to the
facigue data points. The computer does this by selecting the combination of
parameters that minimises the variance between computed and measured data
points at the experimental values of 5. (dynamic fatigue) and o, (static
fatigue). In making these adjustments, it is useful to recognise that v,

reflects more strongly in the intercepts, I' likewise more strongly in the

slopes, of the fatigue plots. This procedure yields v, = 7.0 pm.s”!, T
0.325 J.m 2.

The intrinsic v-G, function corresponding to the above parameter
calibration is plotted in accordance with Eq. 10 for our polycrystalline
alumina in water as the solid curve in Fig. 8. Also included in Fig. 8, as
the dashed curve, is the analogous function for single crystal sapphire in
water, obtained by simiiarly deconvoluting fatigue data from Ref. [23)
(requiring K, = 0, but retaining the hyperbolic .ine velocity function over
the Cook cutoff power-law [5]). The curve for the polycrystalline material
falls distinctly to the left of that for the single crystal. This is in
accord with the fact that the fracture in the former is intergranular (cf. 7,

value 5.6 J.m"2 for our alumina with 11.0 J.m"? for sapphire, as reflected in
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the upper bounds to the two curves in Fig. 8).

We have developed a formalism for studying (noncyclic) fatigue limits in
ceramic materials with R-curves. Introducing a microstructural closure stress
intensity factor based on crack-interface bridging, and a threshold crack
velot ty function based essentially on activation kinetics, we have described
a numerical algorithm that solves the ensuing fracture-mechanics differential
equations fox time-dependent failure. As an illustrative case study, dynamic
and static fatigue limits for an alumina-water system with controlled
(indentation) flaws have been quantified, and the intrinsic v-G. curve thereby
deconvoluted. Once the R-curve and velocity parameters have been calibrated
from the fatigue data, the algorithm becomes a powerful tool for analysing and
predicting various elements of the limiting failure conditions. We shall
explore some of these elements in the discussion below,

It might be contended that the present study does little more than
reinforce an existing suspicion that fatigue limits are possible in ceramics:
all that is necessary is a threshold in the crack velocity function. The
povel aspect here is oué focus on the role of the R-curve; in particulaxr, on
how the additional crack stability afforded by the microstructural crack
resistance may enhance these fatigue limits. Indeed, it can be argued that a
fatigue limit may be achieved in an R-curve material without any velocity
threshold at all. To demonstrate, we use our algorithm to compute the

hypothetical fatigue responses for our alumina using the deconvoluted v-G,
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function in Fig. 8, but with the threshold artificially reduced to v, = 0
(i.e. as represented by the extrapolated, dashed line in Fig. 3, using a curve
of the same I' but with suitably adjusted intercept v, = 1.0 pm.s”! in Eq. 10).
The resulting modified fatigue relations are included as the dashed curves in
Figs. 6 and 7. We see that the prospective fatigue limit o,;, is lowered, but
not to zero. Physically, the existence of this limit is possible because the
bridging closure term, -K, in Eq. 3, can pegate the applied loading term, +K,
(plus K., where applicable), giving rise to a balance state G. = 0 in Eq. 2,
In terms of the construction of Fig. 5, the requirement for attaining such a
balance state is that the minimum in the G.(c) curve should intersect the c-
axis at nonzero o,.

However "good" we might regard the data fits in Figs. 6 and 7, we would
not suggest that we have proved the validity of the fracture mechanics
relations in Sect. 2, In particular, we certainly would not assert that the
results confirm the fundamental correctness of the hyperbolic form of the
intrinsic v-G. function in Eq. 10. Nevertheless, we may feel confident that
the deconvoluted curves in Fig. 8 do faithfully represent the more important
quantitative features of this intrinsic function, including the surface energy
levels that define the thresholds.

In this context of velocity functions, we submit that caution needs to be
exercised in the inCerpéetaCion of results from conventional large-crack
tests, because of the shielding effects associated with R-curve behaviour. In

an actual experiment one monitors the applied mechanical energy release rate

G,, not the energy rate G, experienced at the crack tip. Thus the apparent
velocity relation, v-G,, will generally differ from the intrinsic relation, v-

G., and, moreover, will be history dependent. An important factor is the
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starting location along the R-curve; larger starting cracks will experience
greater shielding, resulting in displacements of the v-G, curves to the right
on a velocity diagram. Similar displacements may be anticipated at slower
loading rates. As an illustration, we show in Fig. 9 hypothetical v-G, curves
for our indentation-flaw, alumina-water system, generated from our algorithm
for three designated P-&. combinations. We reiterate, these are the curves
that would be obtained expeximentally if one were to evaluate G, = K2/E' =
¥2o2c/E' (Eqs. 2, 3 and 11, K, = 0 = K,) from direct monitoring of the applied
load and the crack size. As foreshadowed, the displacements become more
pronounced with increasing load and decreasing stress rate. Such a history
dependence could account for the reports of progressive run-to-run v-G data
shifts in the literature [31-33].

Another distinguishing feature of R-curve behaviour is the "flaw
tolerance" referred to in Sects. 1 and 3.2 [24]. Again, we use the algorithm
to demonstrate the point, by computing hypothetical dynamic fatigue strength
o, vs initial flaw size ¢, at prescribed constant stressing rates for our
alumina-water system. The results of suzh computations for natural flaws
(L.2. K, = 0 in Eq. 3) are plotted in Fig. 10. The strength values remain
relatively constant up to initial flaw sizes of several tens of micrometres.
Such insensitivity {is aEtributable to the stabilising influence of the
(negative) K“(c) function on the crack driving force, as reflected for
instance in the strongly diminishing G.(c) function to the left of the minimum
in Fig. 5.

This stabilising influence may be demonstrated more explicitly by
plotting out the complete evolutionary path to failure. It is a trivial

matter to extract this path directly from the algorithm. Thus in Fig. 11 we
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plot three o,(c) functions (solid curves) at constant o, for our dynamic
fatigue, indentation-flaw (P = 30 N), alumina-water system (cf. Fig. 6). The
final instability configurations ¢, (arrowed) in these curves occur at
relatively large crack sizes (cf. initial sizes c¢,, at o, = 0), the more so
the slower the stressing rate; indeed, at the slowest rate represented the
crack undergoes several hundred micrometres of precursor stoble extension.
For comparison, we include in Fig. 11 corresponding, bounding quasi-
equilibrium functions, computed using G. = 27, (upper dashed curve) or G, =
27, (lower dashed curve) in place of the v-G, relations in Eq. 10 as a
condition for extension in the algorithm. We note the tendency for the
fatigue curves at the extremes of the stressing-rate range to approach these
quasi-equilibrium limits: at fast rates the failure stress approaches the
inert strength, confirming that the crack sgends most of its pre-failure life
close to G. = 2y,; conversely, at slow rates the failure stress approaches
thr Jatigue limit, indicating a pre-failure life perpetually close to G, =
27, .

In conclusion, we have described a procedure for analysing specific
fatigue (constant stress and constant stressing rate) and material-environment
(alumina-water) systems. There would appear to be no restriction on the
general Ilexibility of the algorithm. 1In principle, any stressing state (e.g.
complex, cyclic loadingi, velocity function (e.g. air or other reactive
environment), or even R-curve mechanism (e.g. transformation toughening),
could be handled by suitable modifications to individual elements in the

formulation.
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EIGURE CAPTIONS

Growth of penny-like crack in bridging field; (a) side view, (b)
projection view. (Open squares are out-of-plane bridging grains.)
Coordinate system for crack-interface bridging. C denotes crack tip. 2
edge of the bridging zone.

Schematic v(G.) function in Eq. 10, plotted logarithmically on v axis and
linearly on G. axis.

Inert strength vs Vickers indentation load for polycrystalline alumina.
Data points means and standard deviations (minimum ten specimens per
point) in strength values. Solid curve is best fit obtained by adjusting
parameters in bridging model.

Plot of G,(c) for peclycrystalline alumina, Vickers indentation flaw (P =
30 N) evaluated at constant o, = g, = 220 MPa (inert strength) and o, =
011 = 130 MPa (fatigue limit).

Dynamic fatigue plot for polycrystalline alumina in water, for Vickers
indentations at P = 30 N, Data points means and standard deviations
(minimum ten specimens per point) in strength values. v, is inert
strength level, o0,,, is fatigue limit., Solid curve is best fit obtained
by adjusting crack velocity parameters. Dashed curve is equivalent

fatigue response for material without crack velocity threshold (Sect, 4).
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10.

Static fatigua plot for polycrystalline alumina in water, for Vickers
indentations ac P = 30 N. Arrows at vight designate interrupted tests,
overlapping data for ten specimens. Arrows at left designate breakages
during ramp loading to maximum applied stress, six specimens. Ocher data
points are results of individual tests. o, is inert strength level, oy,
is fatigue limit. Solid curve is best fit obtained by adjusting crack
velocity parameters., Dashed curve is equivalent fatigue response for
material withoyt velocity threshold.

Plot of the intrinsic crack-tip velocity function, v-G., for
polycrystalline alumina (solid curve) in water, as deta nined from fits
to fatigue data. Also included is corresponding function for single-
crystal sapphire (dashed curve), using data from Ref. [23].

Apparent velocity function, v-G,, for polycrystalline alumina in water.
Dashed curve (a) represents baseline zero-shielding limit (K, =0 = K“).
i.e. "true" crack-tip velocity function (v-G.) from Fig. 8. Solid curves
are for nonzero shielding, Vickers indentation flaws (loads P), dynamic
fatigue (constant stressing rates ¢,): (a) P =3 N, ¢, = 10*3 MPa.s™!;
(b) P =30 N, g, = 10*® MPa.s™?; (c) P=30N, o, = 13! MPa.s"!. (Note
expanded G scale relative to Fig. 8.)

Plot of dynamic fatigue strength o, as function of starting size ¢; of
natural flaws (K. = 0) for alumina-water system, at specified stressing
rates: (a) o, = 10** MPa.s™!; (b) o, = 10*! MPa.s™!; (c) o, = 1072

MPa.s" !,
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11.

Plot of fatigue o, (c) function for Vickers indentation flaws, P = 30 N,
in alumina-water system, at prescribed stressing rates (solid curves):
(a) o, = 10** MPa.s™!; (b) o, = 10*! MPa.s"!; (c) o, = 10°2 MPa.s"!,
Also included are comparative quasi-equilibrium plots for inert strength

Limit (upper dashed curve) and fatigue limit (lower dashed curve).
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The behavior under cyclic tension—
tension loading of an alumina
ceramic with pronounced crack-
bridging (R-curve) characteristics -is
studied. Tests on disk specimens with
indentation cracks reveal no failures
below the static fatigue limit, Theoreti-
cal prediciions of the stress-lifetime
response, based on the premise that
environmentally assisted slow crack
growth is the sole factor determining
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lifetime, are consistent (within experi-
mental scatter) with the data. The
results indicate that there is no signifi-
cant cyclic degradation from potential
damage 1o the bridges, at least in
the short-crack region pertinent to
sirength properties. (Key words:
Jatigue, crack growth, alumina,
R-curve.]

IT Is well-known that the mechanical

propertics of metals and polyme:rs are
susceptible to degradation under repeated
loading, i.e., “cyclic fatigue,” Ceramics
have gencrally been perceived as immune
to such damage on account of their lack of
crack-tip plasticity. Literature studics of
cyclic fatigue in ceramics are sparse and
inconclusive. Some curly work on alu-
mina'"* report reduced lifetimes in cyclic
relatve to statie foading. However, analy-
sis of some of these data (speaifically data

in Refs, 1 and 4) suggests that, within the
range of experimental scatter, this reduc-
tion can be accounted for in large pant by
the integrated effect of environmentally
enhanced slow crack growth,® Subse-
quently, cyclic fatigue stedies have been
rzported on silicon nitride*"™ and silicon
carbide.' Agnin, these studies demon-
strate no definitive evidence of true eyelic
damage. Indeed, Matsuo et al.* imply that
the fatigue failure times for their silicon
nitride are in accord with slow crack
growth alone,

Most recently, cyclic fatigue crack
propagation has been unequivocally
demonstrated.™" in 2 transformation-
toughened magnesia-zirconia ceramic
(grain size of 50 um), using tension-
tension loading of compact-tension
specimens with “long" cracks (i.c..
millimeter-scale, large compared with the
microstructure). That work demonstm.ed
crack growth in cyclic loading at stress -
tensities significantly below those required
to gencrate environmentally assisted crack
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growth in sustained constant loading, with
the extent of the shift in the attendant
ceck velocity curves depending on the de-
gree of aging of the material, The fatigue
effect in that matenal was atiributed. at
10N pant, to crack-resistance (R-eurve)
behavior duc 10 shiclding by phase trans-
formation, although the detailed micro-
mechanisms remain obscure,

However, it is now established that a
wide range of nontransforming ceramics
suchi as aluminas can also exhibit R-curve
characteristics, albeit via a different
shiclding mechanism. la these materials
the predominant mechanism of R-curve
hehavior is persistent grain-localized
bridging at the interface behind the crack
tip.'"*! Key to the efficacy of the bridges
as toughening agents is the presence of
internal thermal expansion mismatch
steesses which “clamp™ interlocking grains
into the alumina “matrix" on either side of
the crack interface behind the advancing
crack tip, The R curve confers the quality
of “flaw tolerance™** and, because of its
stabilizing influence on crack growth,
slrongly enhances the “static fatigue™
limit.” However, there is no direct infor-
mation on what effect repeated loading
and unloading might have on the bridging
mechanism. In this context we may note
that aluminas with more pronounced
R curves show 2 demonstrably greater sus-
ceptibility to wear in repetitive atrasion;
this increased susceptibility is attributable
1o cumulative augmentation of tensile in-
ternal stresses from the contact damage
processes, leading to grain-boundary micro-
fracture.”! On these grounds we might
reasonably expect analogous cumulative
damage to the bridges in the repeated
loading of propagating cracks, leading to a
degradation in the toughness and strength
properties. By reducing the crack-tip
shielding, such degradation could give rise
to cyclic fatigue.

Related effects on the fracture prop-
erties of alumina have been described in
compression tests on specimens with large
notches.** There, “fatigue™ cracks wére
observed 1o initiate from the notches much
more effectively in repeated than in sus.
tained loading. As in the interpretation of
the wear results referred to above, the en-
hanced nitiation 1s attributed to grain-
boundary microcracking, but driven now
by notch-concentrated tensile stresses as-
sociated with irreversibilities in the com-
pression stress—strain cycle.™

Our objective in the present study
was to investigate the effect of cyche
loading on the behavior of a coarse-
gratned alumina ceramic that shows par-
ticularly strong R-curve behavior,
specitically in the short-cruck region rel-
cvant to strength properties. We present
results from tension=-tension cyclic loading
of specimens with controlled indentation

A istal prade ALOL. Cours Ceramics Co
Golden, CO

flnstron Dynsone Tesung Machiee 1YL, instton
Ca Canton MA

Naws in biaxial Nexure in water, Exten-
sive indentation-flaw studics on the se-
lected alumina have been previously
documented: in incrt-strength tests to de.
termine the Recurve parameters® and in
constantssitessing-rate tests 1n water {0 de-
termine crack velocity parameters.” We
use these “calibrated™ parameters in a
computer algonithm, tacitly assuming total
reversibility of the bridging constitutive
law during the loading-unloading cycle,
10 obtain a lifetime prediction for compari-
son with the data. The exisience of 2 true
cyclic enhancement of fatigue should then
be apparent as a systematic tendency for
the experimental data to fall below the
predicted stress-lifetime curve,

EXPERIMENTAL PROCEDURE

The material used in this study was a
commercial polycrystalline alumina ce-
ramic, nominally pure (<0.1% additive)
with a mean grain size of 23 um.’ The
specimens were in the form of disks, ap-
proximately 22 mm in diameter and 2 mm
thick,

Controlled Vickers indentation flaws_
at a load 30 N were placed at the centers
of the prospective tensile faces of each
specimen. The specimens were mounted
into & biaxial loading fixture, with a flat
circular punch of diameter 4 mm on a three-
point support of diameter 19 mm. The
tensile stresses in the loaded specimen
surfaces were computed from thin-
plate formulas. This is identical to the
indentation-strength configuration used
previously?? to obtain lifetime data at
static applied stresses, which we will
adopt here as a conveniznt baseline for
comparing cyclic loading data.

The cyclic load tests were conducted
in sinusoida! tension-tension on a servo-
hydraulic fatigue testing machine.! The
minimum tensile stress in cach series of
tests was maintained at 20 MPa, but the
maximum stress was adjusted to coincide
with the constant stress levels applied in
the static loading tests (covering a practi-
cal range of 1 to 10* s in lifetime™). At
least five specimens were tested at each
selected peak stress, at frequencies of

1 and 50 Hz, in water. The time/cycles to
failure were recorded in each case. In all
tests the broken specimens were examined
to verify that the failure tnitiated at the in-
dentation site; exceptions were excluded
from the data pool.

RESULTS

Consider first the static fatigue test
results in Fig. |, from Lathabai and
Lawn.** The solid curve represents an
a priori prediction of the static fatigue re-
sponse, obtatned numenically using a com-
puter algonthm™ based on a combined
R-curve and crack-velocity-curve analysis
{Appendix). the parameters used in thas
analysis wete “calibrated” from the inert
strength and constant stressing rate daty
for our alumina in previous experiments. ™
The data pornts are individual expenimens-
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tal breaks; left amaws designate specimens
that broke during the loading ramp. aight
artows designate long-tenm “survivors.” It
18 scen that the data seatter untformiy about
the theoretical curve, which concides
with the fatigue limit QI0=10 MPa) aver
most of the practical stress range. Any ad-
ditional (atigue effect in cychic loading
should therefore be mamfest as fmlure
stresses below this static limit,

The results for individual breaks in
cyclic loading tests ate plotted 1n Fig. 2
for the two experimental frequencies used,
Amrows at right agatn designate long.term
survivors, The data show a strong similar-
{tv 1n form and spread to those of Fig. 1.
The solid curve in Fig. 2 is the integrated
theoretical piediction for sinusoidal eyche *
loading from the computer algorithm, pre-
suming slow crack growth to be the sole
source of faugue and bndge displacements
during the unloading to be reversible (Ap-
pendix), The level of agreement between
theoretical prediction and experimental
data is comparable with that in Fig. 1. In
accordance with the assumptions above,
the effect of cycling is simply to translate
the fatigue curve to longer lifetimes. as
seen by comparing the sold (cyclic) curve
with the dashed (static) curve. The data in
Fig. 2 do not fall below the stauc fatigue
limit, indicating that any subsidiary
mechanical damage mechanism, if pres-
ent. plays an insignificant role in the
degradation process.

Further indication as to a fatigue ef-
fect can be obtained by investigating the
role of frequency. It is difficult to see any
distinction between | and 50 Hz data
points, within the scatter, in Fig. 2. Ac-
cordingly, we replot the data on cumula-
live probability diagrams in Fig. 3. The
stress range in Fig. 2 is narrowly confined
about the fatigue limit, so we include all
data in the probability plots so as to in-
crease the statistical sample. Whereas
there seems to be a sigmficant shift 1n the
number of cycles to failure, no such shift
is apparent in the time to failure. This is
further support for the exclusive role of
slow crack growth in the fatigue response.

Discussion

The preliminary results above are
confined to one alumina matenal, and 0
“short" initsal cracks. Nevertheless. the
study suggests that we may draw a rather
strong general conclusion: that. contrary
10 the concerns expressed earlier, the
micromechamsms responstble for the
R curve 1n nontransforming ceramics are
not necessarily deleterious to the el
Jangue response. We shall return to this
important conclusion below,

To account quanntarn el for the aull
effect of cyclic loading on the integnty of
the brdges for our indentation Naws, 1t 1
ACLEsAN 10 FesOrt ance Mure o numerial
algonthm. The algonthm containy com-
plete (stepwise) information on the crack
evolution for indentatton tlaws 1 our
alumina=water svstem. Accordingly, we
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evaluate 2uy;=0.66 um for the crack-
opening displacement at the first.
intersected bridge, Fig. 4, at failure (cor-
responding to an instability point part way
up the R curve) for sratic applied stresses
close to the fatigue limit, This displuce-
ment may be compared with 2=
2,76 pm for complete disengagement of
the interlocking bridging grains (which
would be obtained if the crack were al-

1
c
|
2“1
|
g = = = & 2
-

Fig 3 Schemauce showing crack-opening
displacement u, at edge of brdging 2one
AUy =y, prams disengage from matnx

lowed to reach the upper plateau of the
R curve), from previous inert strength
data.” Thus, the ratio uwzfuy=0.24 is a
measure of the critical *pullout strain™ for
the bridging grains for our indentation
cracks, It secems reasonable to suppose
that, Yor ordinary (laws, the grains are in
litdz danger of being effectively “dislo-
cated” from the matrix at this strain.

This estimate is for static loading. In
repeaied loading one might expect irre-
versibility in the grain-matrix frictional
sliding characteristics to con’ribute ad-
versely to the fatigue response, by perma-
nently degrading the bridges. We envisage
tw. ways this degradation could occur:
first, by reducing the frictional resistance
at the grain-matrix interface: second, by
damaging the surface of the interlocking
grains, thereby enhuncing transgranular
(racture. The indication from our expen-
mental results is that this kind of degrada.
tion does not oceur te aay sigmficant
extent, ot least for indentation flaws.

In the present study we have vonsid-
cred only shert cracks. Should we expect

" -

the same null behavior for long cracks?
The mechanisms referred to in the preced-
ing paragraph will surely have a greater
elfect as the cracks grow farther up the
R curve. In extreme cases, beyond the
bounds of the R.curve plateau, the inter-
locking grains will disengage from the
mateix (uz>uy), such that the bridging
zone translates with the crack.'” There is
then additional potential for damage, ...
from the wedging action of dislodged
grains and associated debris at the closed
interface. There is some evidence for del-
cterious fatigue effects in a recent study of
long-crack (=10 mm) specimens of alu-
mina (10-zm grain size).*® although the
authors in that study did not consider the
R-curve bridging mechanism and made no
attempt at a direct identificatton of the
underlying fatigue mechanisms. The link
between short and long cracks in the
analysis of fatigue is an important arca for
further study Qur results would indicate
dangers in extrapolating from one crick-
size region to the other e.g . 10 unng
fatigue data trom long-crack specimens to

P o N - - x
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predict strength behavior.
The present results have tmportant
« implications. Ceramics processors might
seck 10 taitor microstructures for optimum
R-curve propertics.™ However, there is al-
ways the concesn that such optumization at
one extreme of erack size could lead to
deleterious behavior at the other. We men-
tioned the inveese relation between long-
crack toughness and wear propertics
catlier. The present results suggest that
stmilar grounds for concern with regand to
a potential correlation between R-curve
and cyclic-loading strength propertics
could prove to be unwarranted.

APPENDIX

The algorithm used to compute life-
times {or alumina with R-curve character-
istics combines the (ollowing fracture
mechanics clements:™

(i) Fracture mechanics relations and
R curve: First, a relation is written for the
net driving force on a crack in a material
with crack-interface bridging. The stress-
intensity factor K, at the tip of crack
length ¢ is given by

K.(C)-Ka(c)+xl(c)+xu(C) (l\'l)

where K, (c)=do,c " relates to the applied
stress (¥ a geometry constant), X, mxP/c**
(o the contact residual stress at indentation
load P (x a contact constant}, and X,, (o
the bridging. All the parametersexcept
those in K., which determines the shape
of the R curve, are known from indenta-
tion studies.

(ii) Constitutive relation: To com-
pute X,., one needs the underlying relation
between the bridging stress p and cracks
opening displacement 2u for grain-matrix
pullout,

ply=pl=ufuy) {A-2)

where pa. maximum pullout stress at
1=0, and uy. half) pullout displacement
at p=0. are expressible in terms of such
microstructure paramelers as grain size
and shape. internal thermal expansion
stresses. grain-matrix friction, bridge rup-
ture steain, etc.™ All these microstracture
parameters have been determuned for our
alumina from inert strength data.™ In the
upproximation of “weak toughening.” the
bridging stress intensity factor 15 deter-
mined from"

Uy IV

K o) =[E/K .((‘l]j plupdu (A-d)

U]
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where £ is Young's modulus. The upper
litmt, tegled. is thalf) the displacement at
the edge of the bridging zone, calculable
from an expression for the crack profife.”
This formula s used in conjunction with
Eq. (A-1) for bath loading and unloading
half.cyeles. implying (ull reversibility In
the bridge-sliding response.

(ili) Crack velocity relation: The
velocity function used is a hypesbolic
sine.?? based on the underlying notion of
stress-enhanced thermal activation over
atomically localized cnergy barriers,

\'(G.)-Vq sinh [(Gc "-7.)/2r]
715G o527y
27;>Go)

(Ada)

v{(G.)=0 (A-3h)

where y, and y, are surface encrgies in
vacuum and reactive environment, respec-
tively, and vy and I are adjustable param.
eters. Note the provision in Eq. (A-4) lor
a threshold, consistent with the existence
of a natural static fatigue limit.” To con-
nect Egs. (A-1) and (A4}, we usc the fa.
miliar relation Go=K3/E. The adjustable
parameters in Eq. (A-3) have been c\-_alu-
ated from constant stressing rate data.”

(iv) Fatigue and lifetime relations:
The time to failure can be computed nu-
merically for any time-dependent applied
stress function, o, =a,(?1).

o, =const (static) (A-5a)

{cyclic)
(A-5b)

0= 0yt @ Sin (2:1v1)

with v the cyclic frequency, oy and o the
mean and half-amplitude stresses.

The computer algorithm starts with
the indentation flaw in its immediate,
postindentation state, and grows the
crack stepwise in accordance with
Eqgs. (A-1) 10 (A-5) until an instability
condition dG./dc>0 is attained (with
care 10 ensure that the program is allowed
to continue if this instability leads to a
metastable arrest configuration™).
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Results of sliding wear tests on three
alumina eeramics with different grain
sizes are discussed in the light of crack-
resistance (R-curve, or T-curve) charac-
teristics. The degree of wear increases
abruptly after a critical sliding period,
reflecting a iransition from deformation-
controlled 10 fracture-controlled
surface removal. This transition occurs
at earlier sliding times for the aluminas
with the coarser-grained micro-
structures, indicative of an inherent
size effect in the wear process. A sim-
plistic fracture mechanics model,
incorporating the roie of internal
thermal expansion mismatch stresses
in the crack-resistance characterisiic,
is developed. The results suggest an
inverse relation benwveen wear resist-
ance and large-crack toughness
Jor ceramics with pronounced R-
curve behavior, [Key words: alumina,
R curve, wear, brittle materials,
grain size.)

HE brittlencss of ceramics can lead to

rapid wear by microfracture in scvere
local-contact conditions. Erosion by par-
ticle impact! and surface removal by
machining® are two documented cases in
point. Theoretical treatments of contact
fracture mechanics’ idicate that the asso-
ciated wear rates should be greatest for
materials with the least toughness, T." The
experimental etosion evidence.' embrac-
ing a broad range of brittle ceramics,
lends some support to this contention.
However, the growing realization that the
toughness of a given material can be
a sensitive function of the crack size
(T-cutve, or R-curve behavior),*! de-
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The crack-size-dependent “toughness™ (T) 15 al-
tematively referred 10 33 &, in the fracture mechanics
literatute and is telated 10 the “crack resistance™ (R)
by T=(RE)'3, with £ as Young's modulus,

AKP.HP powder, 9 9% pure, 0.5-um enysul.
Iite s1ze. Sumitomo Chenucal Amenca, Ine , New
York, NY

Grain-Size and R-Curve Effects in the
Abrasive Wear of Alumina 3

pending strongly on the microstraciural
makeup, has led to some contradictory
conclusions. Indecd, from machining tests
on alumina ceramics that differ only
in microstructure, it appears that the
machining rate actally increases with the
toughness,® at least with the toughness
measurad in traditional large-crack test
specimens, Accordingly, when specifving
toughness parameters for ceramic ma.
terials in the context of wear propertics. it
hag become necessary to make due allow-
ance for the microstructural scale of the
(racture process.

In this work we present some new
data on microfracture-associated abrasive
wear of alumina ceramics in which grain-
size effects are apparent, We show that it
is necessary to consider specific details of
material removal in relation to the unders
lying mechanisms that determine the
T-curve behavior, We also show that the
resistance to fracture-associated surface
removal in these materials is least for
alumina materials with the greatest
large-scale toughness, i.c., in the coarser.
grained materials, Following an eatlier
hypothesis by Rice and co-workers,"™ we
argue that this scemingly contradictory
relation between wear resistance and tra-
ditional toughness parameters is linked
to the presence of residual stresses in in-
dividual grains, and that the influence of
these stresses on the contact-fracture proc.
¢ss is manifest as a microstructural size
effect.

S miu

x
i
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Accordingly, alumina specimens X§
for wear testing were prepared by hot- §
pressing. The starting material was ultra- 2
high-purity alumina powder' doped with E,i
magnesia solute additive. Aluminas with ir.
three grain sizes, (=4, 8, and 20 pum (3s 03
measured by a lineal intereept method"), 23
were (abricated by suitable adjustment of * 2
the hot-pressing eycle. 2
The corresponding wear data are
shown in Fig. 1. (These dna represent just
part of a broader, systemane study in our
laboratorics of wear transition behavior in
ccramics, 10 be presented elsewhere,”)
The test geometry (or the data in Fig. 1 is
that of 2 rotating sphere (silicon nitride,
12.mm diameter, $50-N applied load,
100 rpm) on three flat specimens (alu-
mina). The three specimens ate aligned
with their surface normals in tetrahedral
coordination relative to the rotation axis of
the sphere and are mounted onto a bearing
assembly to ensure equal distribution of
the applied load. All tests were run at
room temperature with purified paraffin
oil as a lubricant. Wear is quantified by
the ensuing scar diameter on the alumina
specimen surfaces. Figure 1 shows that
the scar diameter increases monotonically
with sliding time. In the initial stages, this
increase is relatively slight, indicative of a
deformation-controlled removal process,
and is independent of prain size. At a
certain critical sliding time, however, the
scar diameter for cach material increases
abruptly: morcover, the larger the grain

l g e

A0,

100 1000

Sliding Time (min)

Fig. 1. Wear data for nominally “pure” alumira ceramics
of three grain sizes, €. Room-temperature data for rotating
silicon nitride sphere, 12 mm in diameter, 450-N load, on
flat specimen, paraffin oil lubricant. Note initial slow,
steady increase of scar diameter with sliding time, followed
by abrupt transition to severe wear at eritical sliding time.
Sliding time for onset of transition diminishes sigmificantly
for the larger grain-size materials, Verucal dashed lines are
theorenical predictions of the transition times.
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Fig 2 Scanming chectron mucmgraph of the wear sutface of doum.
pranesize aluming alter Wansition  Noke euiemsine racking o the prain
Moundaries.

size. the carhicr this transihion oveurs, The
voarser material 1< clearly more suscep:
tible ty severe surface degradation
Examination of the specimen sure
faces indicates that the sbrupt transition 1
severe wear 15 aswnated with the vaset of
gramslovalized microfracture. The scan.
mng clectron micrograph in Fig 2 alluc
teates the appedrance of the wear sutfine
of the deoumegrainevze alununa afier the
transition. Before the trimition, the dam-
age shows valy smoath seratches, twpical
of 4 deformation-controlled wear provess.
In Fig Y. onthe other hand. we see addie
tional, severe dumage in the form of
extensive cracking along the grain
boundarres, with dislodgement of individ.
ual grains and associated wear debris.
Transnussion electron nucrascopy
provides further clues to the transition
mechamsm, Figure X shows micrographs
of fuils (prepared by thinming from below
the test surface’™) of the same alumina as
m Fig. 2 vutside and inside the wom arca

just after the onset of ttanmnion The
pristine matenal in Fig  30A) shows 2
relatively “olean,” Lo o dnlocationsfree,
micantnrture. Note the presence of vouds
like defects unherent porosaity after hot
presung) at many of the tnple points of
the grainsboundary structure The worn
matenial in Fig 3B shows severe aecus
mulstion of dislocation pileups and twine
with strong vrystallographic leatures,
charactenstic of abraston dumage 10 o
famies. 't AL Ihe same time. the trple.
pmnt defect structure has apparently
evolved into Jn interconnected praimn.
boundary microvracking pattern. Note alsa
the presence of diffraction bend contours,
indicative of substantial damage-induced
residual mress in the foul,

To explain the results, we nced to
claborate on the nature of the toughness
versus crack-size Tunction tthe I cutvel
for alumina, In Fig 4 we plot this func-
tional Jependence for the three grain sizes
mnvestigated in Fip. |, using computations

Vol. T2, Na. ~

trom an mdependent study of the tough.
ness propeties of aluming ccramws. © The
unmderivang basin ot those plots e g model
tor increasitte Crach fesistanee, v which
the gran-boundan etk omitally unam-
peded aver facet dimensons, but that as
eatension procedds the interface 1 ncteas
mply bridped by estroning, imteeloching
grams 1 There i strong phy sical wstibica:
ton for this model from direet obsen g
tons of erack prowth i alunung and other
cerannes. ' Key to the bradging privcess
18 the preseace of intemdl tthermal ¢vpan:
son mismatchl strewses n the noncubie
alumina matan:™ at small crack e, ¢,
the mucracrachs tend to propagate prefer-
catally in regions where these internal
streases are temsile, effectively reducing
the intnnsic, gramnshoundary toughness

At Large ¢, the compressive component of
the internal stress leads 10 ancreased crack
restrant via 3 Jominating tnfluence on
Coulombie frictional tractions that tesist
pullout of brudging grang. From the fact
that the final toughness exceeds the imtial
toughness in the plots of Fig 4, we we
that the deletenous eifect of the internal
stresses ut low ¢ is more than outwerghed
hy the vountervaling influence of the
bradging clements at large ¢ Now the
magastude of the wteenal stresses o, ~

EdadT. whete £ 1y Yeung's modulus,
Ao 18 the ditferential expansion voeti-
vient. and A7 1s the quench temperature
ranged o andependent of the dram e

The tendeney 1or the curves 1 Fig 3 1o
vtose cuch other v thetefore aswted
with an anherent spatial sealing eftect, des
teenined vltimately by the eraek extension
Jdistance between restraiming dbridges. the
budging distance i in tuen proportional o
the grann size ™! Thus, 1n the tegion of
LIS PRAIRCACE 10 WEar POVEsses (Le
small ¢1, the resstance 1o eraek extension
for any given matenal tends to s mnt
mum value; moreover, this minunum s

Fig 3 Transnossion cledton micrograph of same alumina in Frg 2 67 vatade and (B iside wear sear Accumulation of severe contact-Jamage
streswes ate responsible for propagating the laws rprepresent tnple:pont Jetedts evident m (AY of subsequent damage-induced Jdetedts) Lo tonn cran-

boundary microcraching pattern
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X=TrTr

T(c) (MPa.m"?)

3 ¥
10* 10! 108
Ceack Size, € (»m)

10?

Fig. 4. Toughness versus erack-size function (T curve)
fot the three gralnesize aluminas Investigated In Fig. 1.

Curves cakulated from toughness mode

based on 3 cracks

interface bridging mechanism, from Ref. 14, Note teadency

for curves 10 cro3s exch ather,

strongest in those materials with the maxi-
mum large-erack toughness, These trends
are in essential agreement with those re-
ported by Rice and co-workers.™™

With this background, we may de-
velop a simplistic fractuce mechanics de-
scription of the wear resuits, We suppose
that there are grsin-boundary Naws in the
aluminz. on the microscale, from which
extended microcracking can generate,
These Maws may cither be prepresent,
¢.g.. the triple-point defects mentioned, or
be generated by the damage peocess itself,
¢.g.. {tom siress concentrations at the
(pileup) deformation clements in Fig. J(B).
We do not attempt to distinguish (ine de-
Lals of the Naw geometny here, assuming
only that the size of these {laws scales
with the grain diameter, We now assert
that the critical condition for the vnset of
local microfracture in the wear experiment
is one in which the damage-induced ten-
sile field causes the larger flaws to be-
come unstable. This assertion is given
credence by the well-known phenomenon
of spontaneous microfracture in ceramics
at a critical grain size under the action of
the internal (thermal expansion mismatch)
tensile field alone." We envision the dam-
age stresses 3s augmenting the preexisting
stresses, effectively lowering the grain
{(N.+¥) size at which the critical state is
achieved,

To quantifly this description, consider
the driving forces on the flaws in the grain
configuration in Fig. 5. We take the initial
flaw size to be proportional to the grain
dimension. c,=8(. where 8 is a scaling
coefficient. Then we may write the equi-
librium condition for the tlaws in terms of
superposed stress-intensity factors

K,‘*'Kp‘ro )

where Tq is the intrinsic grain-boundary
toughness and the subscripts / and D relate
to the intemal and damage-induced t2nsile
stresses @y and o, respectively. Neglect-
ing gradients in the stress distributions
over the flaw dimensions. the cquilibrium
: 1]
requirement may be expanded in the form

Yol BU) S+ (B =T, 2

where ¥ is 3 ¢ratkogeometry coefficient
(2/="%) or peany-shaped cracks, The
cquilibiium in £q. (2) is unstable and may
be achieved at either eritieal { or eritical

"‘

Critical {={. corresponds to sponta.
neous microfracture at o, =0 this relation
provides ug with 3 convenient bounding
condition for Eq. (21

b Bl T, (3)

For alumina ceramics. independent, ap-
proximate estimates of the grain-boundary
toughness, entical grain size. and intensity
of internal stresses give Tym2.l MPam'*
(Ref. 17). (=300 um (Ref. 15), and
;=100 MPa (Ref. 18), respectively.
From Eq. (3) we estimate that =08,
corresponding reasonably to an initial Naw
size on the order of the grain diameter.
Substituting Eq. (3) into Eq. (2) allows us
to determine the critical ¢y condition as 2
normalized (unction of grain size. thereby
circumventing any uncenainty in this esti-
mate of B arising from sensitivity of
Eq.(3) 10 Ty. (., and oy:

()= o {010 =1) )

We note that Eq. (1) has something of a
Hall-Petch (") relation, but with the
spontancous microfracture condition as a
natural upper limit.

Equation (4) may now be used to de-
termine the magnitudes of the damage-
induced siress necessary (0 cause wear-
associated grain spalling. Tahle | shows
the calculated values for the grain sizes
pertinent 1o the data in Fig. 1. Note that
these stresses are substantial, characteris-
tic of the severe deformation levels that at-
tend typical point-contact (indentation)
events?* in briutle solids, These critical
stresses diminish with increasing grain
size, consistent with the observation in
Fig. 1 that less sliding time is required to
induce the transition in the coarser alumi-
nas. If we postulate that the damage
stresses accumulate at a constant rate,
Gp=0p/t. in the wear process (a postu-
late supported by the steady, grain-size-
independent increase n scar diameter 1n
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Lo l & ,
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'l( e

Fig. 3. Schematic of idestized gran struciure,
dimension (, with (triplespoint) buundan: flaws,
dimension g Flaws were subjected fo tennile
components of intemal stresses oy and damage
suesses .

the initial stages of wear in Fig. 1), then we
may make quantitative predictions of the
trends for the transition regions. The venus
cal dashed lines in Fig. 1 correspond to
such predictions for a stress-accumulation
rate &y™S MPass™,

Our simplistic model is able t ac.
count fur the major grainssizesrelated
transition effeets in wear data in alumina
ceramics, The implications coneerning op-
tmization of microsteuctures for maxis
mum wear resistance are clear enough
here —refine the grain size and. if pos.
sible. avoid intemnal strusses, We renerate
that such measures may run entirely
eounter to the requirements for mazsnum
large-crack toughness (Fig. 4). so that ulti.
mate material design may involve subtle
compromise.

Table I, Wear-Damage-Induced Stress
Levels Required 10 Cause Grain-Boundary
Microfracture in Alumina Ceramics

Gesin site, { \»\'cu-damafc Heess, g
tMPY

tum)
400 0
20 k2]
8 607
4 00

*Spontsncous microfrcture limit
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A HISTORY OF THE ROLE OF MgO IN THE SINTERING OF a-Al,0,
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ABSTRACT

This article traces the historical development of the understanding of
the role of MgO in the sintering of a-Al,0, beginning with the pioneering
work of Robert L. Coble - the inventor of the Lucalox® prccess (1,2].
Congiderable controversy has surrounded this topic and many varied
interpretations of the role of MgO have been proposed.over the last 27
years. Nonetheless, steady progress has been made during this period and
the role of MgO {s understood, at least phenomenologicily, to be the
control of grain boundary motion through a reduction in grain boundary
mobility. The main obstacles that have hampered progress over the years
are i{dentified and the critical experiments and theoretical contributions
that have helped overcome thess obstacles are discussed in detail.
Remaining challenges concerning the detailed atomic mechanisms responsible
for the function of MgO are also identified.

I. INTRODUCTION

Since the discovery of the Lucalox® process by Coble {1,2]) in 1961, a
steady succession of papers have been published addressing the role of
magnesia in the sintering of alumina. The majority of these are presented
chronologically in Table 1 and are conveniently classified into two groups
depending on whether the work was concerned mainly with sintering per se,
or with analytical/diffusion type studies relevant to the problem., The
total number of papers published addressing the issue of the role of MgO in
the sintering of Al,0, is approximately 60, which corresponds to an average
publication rate of approximately 2 papers per year over the past 27 years.

We present in this contribution a historical account of the development
of our understanding of the role of Mgl in the sintering of aluaina,
beginning at the time of Coble’s discovery. We spend more time on the most
influential experiments and/or theoretical contributions and also at times
deviate slightly from the strict chronological ovder to develop the subjzct
matter as logically as possible. Following the main review we present a
summary of the state of our understanding and identify the unresolv:d
issues concerning this subject.




Table 1. A chronology of papers directly addressing the role of MgQ in
the sintering of Al;0; published during the past 27 years.

Date Sintering Studies Analytical Studies
b - — - - - - - - - - =~ -3
1961 Coble[1]
1962 Ceble[2]), St. Pierre & Gattif3],
Coble & Burke(4], Coble(6], Bruch{7]
1963 Johnson & Cutler(8)
1964 Jorgensen & Westbrook(9)
1965 Jorgensen(10]
1967 Warman & Budworth{11]
1968 Brook(12] Roy & Coblell4)
1969 Brook(13)
1970 Budworth(15), Haroun & Budwoxth({16) - Tong & Williams(17]
1972 Prendergast, Budworth & Brett(18) Marcus & Fine[19)
1973 Mocellin & Kingery([20)
1974 Jorgensen(21) Taylor, Coad &
Brook(22)
1975 Peelan{23] Johnson & Stein(24]
1977 : Johnson(25)
1978 Johnson & Cobla[28] Cannon & Coble(29)
1979 Harmer, Roberts & Brook(30], Heuer([3l],
Monohan & Halloran(32)
1980 Harmer & Brook(33], Bannister[34], Clarke[37])
Heuer(35), Burke, Lay & Prochazka{36)
1981 Harmer & Brook{38], Franken & Gehring(39)
Yan([40] -
1982 Brook{42), Glaeser & Chen[44) Monty & Ledigou[4l]
Dynys(43)
1983 Handwerker(46]), Bennison & Harmer(47), Bennison & Harmer(48)

Bennison & Harmer(49)
Hatrmer, Bennison & Narayan(50]

1984 Harmer([51]), Lynch{52]
1985 Bennison & Harmer({53}, Baik, Fowler, Blakely
Bennison & Harmer{54}, & Raj[55])
Brook, Gilbart, Shaw & Eisele([58]
1986 Berry & Harmer(59), Shaw & Brook[60] Baik[é61}
1987 Zhao & Harmer([62), Kaysser, Sprissler, Jardine, Mukhopadhyay
Handwerker & Blendell(63], & Blakely([66]
Weng & Harmer{64), Shaw([65) Baik and White(67]
1988 Bateman, Bennison and Harmer([68], Mukhopadhyay, Jardine

Handwerker, Dynys, Cannon and Cobie[69) Blakely & Baik(70]

Total # 47 17

—_—




IXI. KISTORICAL REVIEW

IX.1) Late 1950's - Early 1960’s: The Discovery Period

The invention of Lucalox® ! resulted from an ongoing research effort ac
the General Electric Company laboratories in the late 1950's, aimed at ‘the
development of containment tubes suitable for use in high-pressure sodium
vapor discharge lamps. Trials with single crystal sapphire tubes had
demonstrated the suitability of Al,0,, however, the cost factor and shape
limitations associated with the use of sapphire made it necessary to
attempt the fabrication of tubes from polycrystalline material. The
primary difficulty with the use of sintered material was its inherent
opacity due to the presence of porosity, other second phases and grain
boundary cracks. The main obstacle, therefore, in the development of a
translucent polycrystalline alumina, was the removal or the prevention of
these microstructural features during sintering.

The first attempts concentrated on the use of complex firing schedules
and the use of special firing atmospheres. A translucent material was
fabricated by St. Plerre and Gatti (3] from high purity (~99.9 %) alumina
by way of a two-stage firing employing a hydrogen atmosphere. Coble
however, found that the process would not work in the absence of magnesia
vapor, which was provided accidentally in the firings of St. Pierre and
Gatti by the furnace refractories. Coble subsequently identified magnesia
as the critical additive in the sintering of alumina to high density. He
showed that doping with 0.25 wt. % magnesia enabled alumina to be sintered
to a low porosity, translucent state, after firing at high temperatures
(~1900°C) in a hydrogen atmosphere (see figure 1).

IT.44) Initial Theories - Coble and Burke [1,4]

Coble observed that magnesia additions had a dramatic effect on the
microstructure of sintared alumina (see figure 2). Undoped alumina
developed abnormal grains which produced very non-uniform microstructures
with many pores trapped within the large abnormal grains. With magnesia
additions, abnormal grain growth was inhibited and the resultant
microstructures were very uniform and dense and the pores remained attached
to the grain boundaries. (Burke had demonstrated previously (5] the
importance of keeping the pores attached to the grain boundaries in order
to achieve high densities during sintering).

In nineteen sixty-one, Coble {1] analyzed the kinetics of densification
and grain growth for undoped and MgO-doped alumina and postulated
mechanisms for the function of magnesia as a sintering additive. He
observed that additions of 0,25 wt. % MgO to high-purity Linde A alumina
increased the rate of densification during isothermal sintering at 1675°C,
However, the MgO was found to have no influence on the rate of normal grain
growth during sintering. He hypothesized that densification was controlled

1 The trade name for transLUCent ALuminum OXide




by lattice diffusion of aluminum ions while oxygen was transported along
the grain boundaries.

Initially Coble offered four possible explanations for how MgO might
inhibit abnormal grain growth in alumina. First, there was the second
phase pinning theory which asserted that magnesia, in excess of the
solubility limit, cculd form precipitates of MgAl,0, spinel which could pin
the grain boundaries and inhibit abnormal grain growth. Second, the solid-
solution pinning model proposed that MgO could absorb preferentially at the
grain boundaries and inhibit abnormal grain growth by decreasing the grain
boundary mobility. Third, it was speculated that magnesia could change the
grain growth inhibiting effect of the pores by altering pore shapes. This
would result from an alteration of the surface energy to grain boundary
energy ratio. And fourth, the solid-solution theory assumed that a minimunm
amount of time was required to nucleate abnormal grain growth after
reaching a critical density. It was argued that magnesia enhanced the
densification rate relative to the rate of normal grain growth so that
there was insufficient time for the formation of abnormal growth nuclei.

Given these four possibilities, Coble favored the. solid-solution theory
since each of the other mechanisms predict that the rate of normal grain
growth should be inhibited by magnesia additions. Coble concluded ..

"In controlling the sinterability of alumina to theoretical density,
it appears that magnesia does not "inhibit" discontinuous grain
growth but instead increases the sintering rate such that
discontinuous growth nuclei do not have time to form."

No detziled atomic mechanism was invoked to support this interpretation at
the time.

A few years later in 1963, Coble and Burke [4] reviewed the matter
again. They ruled out the second-phase pinning theory once more but this
time based upon micrographic evidence that indicated there was insufficient
second phase present for this mechanism to operate. They fuzther concluded
the solid-solution theory to be the most plausible description of the role
of Mg0. They did however, reconsider the solid-solution pinning model and
argued that this mechanism should not be totally ruled out just because MgO
was found to have no effect on the average rate of normal grain growth
during sintering. They argued that solute pinning could limit the maximum
grain boundary velocity of an abnormally growing grain, so suppressing the
spread of abnormal grains, without influencing the grain boundary velocity
of the normally growing grains whose growth rates would continue to be
controlled by the attached pores., It was finally concluded..

"Under certain conditions any of these processes might operate, and
other, independent measurements are necessary to decide between
them., "

The effect of firing atmosphere also came under study by Coble at this
time {6). He showed that the atmosphere had to be soluble in alumina in
order to sinter MgO-doped material to theoretical density, Where insoluble
gases were used, shrinkage was found to be terminated when the gas pressure
in the closed pores balanced the driving pressure for shrinkage resulting




from the surface energy. Thus, MgO-doped alumina could be sintered to
theoretical density at high temperatures in hydrogen, oxygen or vacuum but
not in alr, nitrogen, hellum or argon.

II.{14) 1964: Jorgensen and Westbrook (9,10}

In 1964 Jorgensen and Westbrook [9) published a classic paper in which
they presented indirect evidence for magnesium segregation to the grain
boundaries in alumina. In one set of experiments they measured the
microhardness profiles across grain boundaries in undoped, MgO-doped and
alumina doped with a variety of other additives. They cbserved a strong
peak in the microhardness profile at the grain boundary in the magnesia-
doped alumina and presented this as avidence for grain boundary segregation
(see figure 3). They alszo observed an increase in the alumina lattice
parameter with increasing grain size, which was taken 2s further evidence
of grain boundary segregation. It was noted, however, that the cooling
rate had a strong influence on the magnitude of the observed lattice
parameter changes. They further examined a range of different additives
and were able to correlate the effectiveness of the dopant as a sintering
aid with the degree of segregation inferred from the degree of grain
boundary hardening. Nickel oxide was found to behave similarly to magnesia
in controlling microstructure development and also showed apparent
segregation, An autoradiograph of sintered alumina doped with a $3Ni
isotope gave clear direct evidence of grain boundary segregation of nickel.
Given the similarities between the two dopants, this was taken as a strong

indication that magnesia would also segregate strongly to grain boundaries
in alumina,

Jorgensen [10] subsequently repeated earlier experiments of Johnson
and Cutler (8], on the effect of MgO on the initial stage sintering
kinetics of alumina, together with Coble's experiments on the effect of Mg0
on the kinetics of densificaticn and grain growth. He confirmed the
finding of Johnson and Cutler that magnesia additions decreased the
densification rate during initial stage sintering. During the later stages
of sintering he found that magnesia additions increased the densification
rate (as observed by Coble) but he also noted a decrease in the average
rate of normal grain growth, which was contrary to the observations of
Coble. Jorgensen attributed this discrepancy to the fact that Coble had
fired the undoped and magnesia-doped samples adjacent to one another in the
furnace. He argued that magnesia could have transferred to the undoped
samples unknowingly by vapor transport. 2 Jorgensen's data indicated that
the densification rate of alumina was enhanced indirectly due to the
retardation of grain growth by the magnesia. > He proposed that the

2 Bruch (7] had shown that the surfaces of MgO-doped Al,0, generally

contained abnormal grains which resulted from magnesia loss at the surface
bty evaporation.

 The sintering models developed by GCoble {1] predict that the
densification rate varies with the reciprocal of the grain size to the

third or fourth power for control by bulk diffusion or grain boundary
diffusion respectively.




magnesia inhibited grain growth by a solute pinning mcchanism. The direct
effect of the additive on densification was assessed by comparing
densificacion rates at constant grain size. The analysis revealed that
magnesia additions decreased the densification process directly elther by
lowering the lattice or grain boundary diffusion coefficient, or the solid
- vapor surface energy. Jorgensen used a defect chemistry approach to
interpret the results invoking that the incorporation of Mg?* impurity ifons
promoted the formation of oxygen vacancies (V,°) as the compensating
defect for Mg,{. This in turn, it was argued, would suppress the
concentration of aluminum ion vacancies (V,{’’) through the equilibrium
reaction for Schottky defects. Thus, with the sintering rate ; « D}! «
(Vif'']) « [Mga{]"3/? the effect of MgO on the densification rate could be
explained. These findings ran contrary to the solid-solution model
proposed by Coble from which one would have expected magnesia to increase
the densification rate,.

IX.4iv) 1964 - 1972: Solute-Pinning theory Gains Acceptance

Following the work of Jorgensen and Westbrook the, solute-pinning theory
became widely accepted. Warman and Budworth (11} were amongst those who
accepted the proposition of solute-pinning. They also drew attention to
the importance of the volatility of the additive; a high degree of
volatility was argued to be necessary to obtain a uniform distribution of
the additive during firing. They further confirmed that alumina could be
doped with magnesia via vapor phase transport. Warman and Budworth (11)
investigated the effect of a variety of additives on the sintering of
alumina and showed that the criteria of ionic size, cation valence and
additive volatility could account for the success or failure of a
particular compound as a sintering aid. In a review article, Budworth [135)
published criteria for the selection of sintering aids for alumina that
function via the control of grain growth; he argued that grain boundary
"films" offered the most viable mechanism responsible for such behavior.

Harsun and Budworth [16] conducted further studies of the effect of
MgO, Zn0 and NiO on grain growth in alumina. They concluded that, at a
dopant level of 0.25 wt. &, the additive was present as discrete
precipitates and a grain boundary film. They noted that a minimum amount
of additive, approximdtely 0.05 wt, &, was necessary to control grain
growth; this level corresponds to a film thickness of approximately 0.5 nm
for a grain size of 3 pm. The observation suggested that the minimum
amount of grain boundary phase required was the amount necessary to produce
monolayer coverage of the grain boundary interfaces. Prendergast, Budworth
and Brett (18] determined the optimum conditions for producing dense fine
grained MgO-doped alumina. They discovered it wes important, from a
practical point of view, to prefire the powder compacts (~1,000 - 1,200°C)
prior to sintering to ald the distribution of the additive.

Mocellin and Kingery {20]) studied the effects of second phases (pores
and spinel precipitates) and atmosphere on the microstructure development
and grain growth kinetics in alumina. It was demonstrated that grain
growth was controlled by pore drag throughout the majority of sintering for
both undoped and MgO-doped material but at very high densities (>98%)
motion of spinel particles for the MgO-doped material controlled grain




growth. All the kinetic data collected could be fitted with a cubic growth
lawv. They concluded therefore, that kinetic measurements alone were
incapable of distinguishing between the different possible ate controlling
mechanisnms,

To this point no direct evidence had been obtained to sijow that
cagnesia did segregate to grain boundaries as would be requ .d if a
solute-pinning mechanism was responsible for the function of g0, There
was also some reason to doubt the solute-pinning mechanism because none of
the samples studied thus far had been single phase and, therefors, i% had
been impossible to unequivocally rule out a second-phasz pinning mecharisa, ¢

In 1970 Tong and Williams {17] conducted thea first direct nicrochemical
analysis of solute segregation to grain boundaries in MgO-dopel alumina.
The technique of spark source mass spectromatry was employed in which
material is removed from a region apprcximately 0.3 um deep by striking a
spark onto the surface of interest; the vaporized materia) is then analyzed
using a mass spectrometer, A comparison was made between the bulk and
grain boundary chemistry by comparing the analyses of_ a polished section
and an intergranular fracture surface. A factor of 8 increase in magnesia
concentration at grain boundaries was reported togethexr with a factor of 13
increase in calcia concentration. Unfortunately no details were provided
of the composition or thermal history of the alumina studied so no
conclusions relevant to the role of magnesia in the sintering of alumina
could be made. This work led to a succession of studies carried out in the
1970's of grain boundary cheaistry using more sophisticated surface
analysis techniques. We shall see that the results of these studies raised
significant doubt as to whether MgO did segregate to grain boundaries in
Al,0, and thus whether it could inhibit grain growth by a solid-solution
pinning mechanism.

II.v) 1972 - 1975: Search Yor Grain Boundary Segregation

Marcus and Fine [19] used the technique of Auger electron spectroscopy
(AES) to characterize grain boundary chemistry in alumina. A piece of
Lucalox® was fractured in the high vacuum chamber of the instrument and the
intergranular fracture surface analyzed. No magnesia was detected in this
study but, surprisingly, strong calcium segregation was observed. The bulk
calcium levels were on the order of 10 - 15 ppm, whereas the concentration
at the grain boundaries was of the order of 2 - 5 %, corresponding to an
enrichment of some several thousand. The calcium concentration profile
avay from the grain boundary was determined with the aid of ion sputtering;
the calcium was found to be confined to the first few monolayers at the
grain boundary. It was postulated that calcium segregates more strongly
than magnesium because of its larger fonic radius and correspondingly

* Roy and Coble {[14) determined the solubility of MgO in Al,0, as a
function of composition and atmosphere by lattice parameter measurements. It
was found that the solubility limit was much less (e.g 250 ppm at 1,630°C and
1,350 ppm at 1,850°C in vacuum) than the concentrations commonly used during
sintering (typically 2,500 ppm).




Larger lactice strain misfic,

Tayloxr, Coad and Brook (22] carried out a similar study using x-ray
photoelectron spectroscopy (XPS) which can detect lower concentrations of
magnesium than AES. In this work magnesium was found to be enriched at the
grain boundary by a factor of two over the bulk levels. Strong calcium
segregation was confirmed.

Johnson and Stein [24] conducted a detailed study of grain boundary
segregation in an alumina doped with approximately 1,000 ppm MgO. A
scanning Auger microprobe (SAM) was used in this work which has superior
lateral resolution (-5 pm) compared to the instruments used to this date.
The study showed that most of the magnesia on the intergranular fracture
surface was confined to a MgAl,0, spinel second phase. Analysis of areas
not containing spinel precipitates indicated that magnesia was not
segregated to grain boundaries in significant amounts. Johnson and Stein
also demonstrated that spinel precipitates are preferentially removed
during ion sputtering and concluded that concentration profiling using this
technique yields an appaxent profile which is an artifact. They further
confirmed segregation of calcium =~ concentrations of-several thousand
times the bulk level but found the degree of segregation to be very
sensitive to the thermal history of the specimens.

This latter finding supports a key point made by Kingery [26] in a
review article which reads...

"a large fraction of the grain boundary solute segregation observed
at temperatures below an equilibrium temperature forms on cooling."

This point was also recognized by Jorgensen [21] who agreed that many of
the observations of segregation over wide regions from a grain boundary
(including his own earlier work (9]) were probably the result of
segregation induced by slow cooling. This gave further reason to be
cautious of any result which showed magnesia segrasgation in alumina,
because most samples studied wers fvom a commercial source where typically
materials are allowed to cool slowly from the firing temperature. 3

By 1975 considerable doubt had been raised as to the validity of the
solute-pinning theory because of the inability to detect magnesium
segregation in alumina. Several papers ware then published which served to
refocus attention on the s0lid solution model.

5 This problem arose during further work in the 1980's. Franken and
Gehring [39) investigated a series of aluminas doped with MgO solute.
Segregation of Mg0 to grain boundaries was reported. However, it was
subsequently demonstrated [48] that the cooling rate used by Franken and

Gehring (200°C/hr.) was sufficient to induce segregation and/or precipitation
of MgAl,0,.




IX.vi) 1975 - 1979: Revival of The Solid Solution Theory

Peelan {23] studied the evolution of the microstructure of alumina as a
function of MgO additions both below and above the solubility limit. The
host alumina used was very pure with a total cation concentration of less
than 100 ppm; this allowed the effect of very small additions of MgO (down
to 50 ppm) on microstructure development to be determined. Figure &4 shows
Peelan’s findings on the evolution of density and grain size, as a function
of MgO content, for a fixed firing schedule, The most notable feature of
the data is that both the density and grain size were observed to pass
through a maximum at the solubility limit of MgO in Al,0, {~300 ppm for
this study which compares favorably with the 250 ppm limit determined by
Roy and Cobla (14] for this temperature). It was clear from this data that
very small amounts of magnesia, below the solubility limit, were effective
in aiding the sintering of alumina.

Peelan rejected the solute-pinning theory for three reasons, First,
MgO enhanced normal grain growth in the solid solution regime (he argued
that previous studies that indicated Mg0 additions retarded grain growth
had been conducted with MgO concentrations gbove the solubility limit).
Second, AES analysis revealed no segregation of magnesium. And third, Ca0O,
a known segregant, did not prevent abnormal grain growth in alumina.

The essential action of MgO was, therefore, proposed to be a direct
enhancement of the densification rate. In support of this proposal work by
Rao and Cutler [27) was cited which showed that Fe?* ions increased the
sintering rate of alumina. He argued in favor of a cation Frenkel defect
model, in which both lower valence and higher valence dopants could
increase the aluminum fon diffusion coefficient either by raising the
. concentration of aluminum interstitials (in the case of the lower valence
additive) or aluminum vacancies (in the case of the higher valence
additive). Peelan proposed that the normal rate of grain growth was
controlled by the volume fraction and size of the pores, and that the grain
growth rate was dependent on the rate of pore removal. The enhanced grain
growth rate via doping was therefore a result of the direct increase of the
densification rate yielding smaller, more mobile, pores at a given grain

size. A direct effect of the MgO on the pore mobility was not completely
ruled out.

Johnson and Coble [28] conducted a further critical test of the second
phase and solid solution models. In their experiments an undoped pellet of
alumina was sintered in close proximity to a pre-equilibrated compact of
spinel and alumina. The experiment was ingeniously designed to allow
transfer of MgO from the spinel/alumina compact to the undoped pellet in
concentrations not exceeding the solubility limit, This produced a pellet
of alumina with a dense fine grained MgO-doped outer surface, and a core,
devoid of Mg0O, consisting of abnormal grains and entrapped porosity. This
experiment established without doubt that a second phase was not necessary
for Mg0 to function successfully as a sintering aid for alumina. AES
analysis of grain boundary chemistry confirmed Ca segregation at boundaries
of both normal, and abnormal grains, in the MgO-doped, and undoped regiors
of the specimen respectively; no evidence for Mg segregation was found.
Johnson and Coble also concluded, much as Peelan did, that Ca segregation




did not suppress abnormal grain growth and that the solid-solution model
was & reasonable description of the function of MgO0.

The earlier findings of Johnson and Cutler (8) and Jorgensen [10] on
initial stage sintering were dismissed as being inapplicable to the problem
since they were carried out at low temperatures and fine grain sizes as
compared to the high temperature, large grain size conditions under which
Lucalox® is fabricated. Also the findings of creep studies {29] which
showed that diffusional creep rates of alumina are enhanced on doping with
MgO and other divalent cations were cited in support of the solid-solution
model. Johnson and Coble did, however, add the following qualifying note
after arguing for the solid-solution model...

"Since the definitive experiment= (pore removal in tha absence of
grain growth and grain growth {n the absence of porosity) have not
been attempted for doped and undoped alumina, no direct evidence can
be presented for this modael.”

At this point opinfon was firmly returning towards the solid-solution
model,

Harmer, Roberts and Brook [30] studied the effect of MgO solute on the
densification and grain growth in alumina Jduring fast-firing. They
observed that MgO, in solid solution, enhanced both densification and
normal grain growth after firing for a few mirutes at 1850°C. It wis
proposed that MgO additions promoted densification through a modification
of point defect concentrations. Enhanced densification was argued to give
smaller, more mobile pores, at a given grain size, theredby preventing pore-
grain boundary separation and abnormal grain growth.

Harmer and Brook (33]) used hot-pressing dilatometry to quantitatively
show MgO solute additicns enhance the aluminum ifon lattice diffusion
coefficient and proposed two plausible defect chemistry models to explain
this observation. They also presented an expression showing that the
conditions for pore-grain boundary separation were less likely to be
fulfilled if the ratio of the pore mobility to the grain boundary mobility

(M,/M,) were increased. Assuming the pore moved by surface diffusion, the
mobility ratio was given as:

M, /My « (8,D,/r') (1/My) ¢ 9}

were §,D, is the surface diffusivity and r is the pore radius. It was
argued that the essential action of the Mg0O was to increase the pore
mobility indirectly through decreasing the pore size (viz increasing the
densification rate) at a given grain size. This explanation was preferred
over any effect on §,D, or My, because of the strong power dependence of M
on pore radius, r.




IT.vid) 1979-1982: ° New Proposition - Surface Diffusion

Heuer [31] objected to the solid-solution theory and argued strongly in
favor of MgO increasing the pore mobility directly by raising the surface
diffusivity. He did not accept that the solid-solution theory gave an
adequate explanation for the inhibition of abnormal grain growth by MgO.
Heuer was also concerned by the fact that several papers had reported that
Mg0 inhibited densification in alumina. Bannister [34] commented on
Heuer's note, correcting a matheamatical error, and offered some indirect
evidence in support of Heuer’'s proposal. Heuer [35] acknowledged the
comment and argued furthexr against the solid-solution theory by disagreeing
with the point defect interprecation given by others. At this time
however, Heuer had no experimental results to support his proposition.

Monty and Ledigou [41) responded to Heuer's note and used the method of
multiple scratch smoothing to measure the effect of MgO on surface
diffusion in sapphire. The method involved measuring the decay in
amplitude of a periodic wave etched into the surface of a sapphire crystal.
They observed, contrary to Heuer’'s prediction, that MgO decregsed the rate
of amplitude decay, hence the surface diffusivity, by a factor of ten at

1600°C. These findings were therefore contrary to the predictions made by
Heuer.

Brook {[42] accapted that MgO lowered surface diffusion in alumina and
offered an explanation for the role of MgO based upon the combined effect
on surface diffusion and lattice diffusion. He rafocused attenticn on the
effect of the additive on the ratio of the relative densification rate
(#/p) to the relative grain growth rate (G/G). Following the treatment of
Yan [40) of simultaneous densification and grain growth, he derived the
following expression for the ratio:

(3G/pG) = (D, /D,) (7, /1,)G(1-p)*!3 e (2)

assuning densification was controlled by lattice diffusion and grain growth
was controlled by surface-diffusion-controlled pore drag. Brook deduced
that MgO would increase the ratio by a factor of 30 at 1600°C based upon
the independent measurements of Monty and Ledigou (MgO decreases §,D, by a
factor of 10) and Harmer and Brook (MgO increases D}! by a factor of 3).
Assuming that densification was controlled by lattice diffusion and that
grain growth was controlled by surface-diffusion-controlled pore drag.

This adjustment was predicted to cause a significant fattening of the grain
size-density trajectory followed during sintering (figure 5). The
treatment presented by Brook amounted to a modified version of the original
solid-solution theory proposed by Coble [1]. No experimental measurements
of grain size-density trajectories comparing undoped and MgO-doped alumina
were available at that time to test Brook's hypothesis.

Burke, Lay and Prochazka {36] had previous to this measured the
trajectories of specific surface area (SSA) versus density for undoped and
500 ppm MgO-doped alumina; this measurement also provided an estimate of
the effect of the additive on the relative densification rate - relative




coarsening rate ratfo. Their results, reproduced in figure 6, showed neo
effect of MgO on the SSA - p trajectory for alumina. They concluded that
MgO had no effect on surface diffusion or pore mobility in alumina. These
findings were skeptically received because of the low temperatures used in
the study (1000 - 1500°C) and the attendant low solubility of MgO in
alumina over this temperature range. Burke et al. suggested cthat the role
of MgO was to lower the grain boundary mobility, M,. They presented
observations of abnormal grain growth at the free surface of an alumina
specimen, where MgO was believed to have been lost by evaporation, and
observations of fine normal grains within the bulk of the (MgO doped)
specimen. They estimated that the remaining Mg0 in the bulk had decreased
M, by up to a factor of one hundred. No atomic mechanism was invoked and
no explanation given for the lack of evidence for magnesium segregation to
grain boundaries in alumina.

Dynys [43]) conducted an extensive review of the surface diffusion
literature for alumina. From a ranking of the reported diffusivities he
concluded that, in general, the cleaner the experiment (i.e the higher the
specimen purity), the lower the reported surface diffusivity. Dynys also
conducted grain boundary grooving expsriments in aluminas doped with a
range of additives from which he concluded that MgO most likely enhanced
surface diffusion in alumina. He also pointed out that facetting can lead
to serious errors in determining surface diffusivities in experiments where
the kinetics of shape changes driven by capillarity are studied. Monty and
Ledigou [41) observed facetting in their experiments which created some
concern at the time about the validity of their findings on the effect of
MgO on surface diffusion in sapphire.

In summary, two opposing theories were advanced to explain the role of
MgQ in the sintering of Al;0y based on an aiteration of the surface
diffusion coefficient. One theory was that My0 increased pore mobility by
increasing §,D,, so avoiding pore-grain boundary breakaway and abnormal
grain growth, whereas the other theory proposed that MgO decreased §,D, and
consequently promoted densification relative to grain growth., The
experimental measurements, however, were inconclusive at this stage,
because of problems with either the experimental technique itself or the
range of experimental conditions over which the measurements were made.

IX.viii) 1983: Critical Experiments to Measure Grain Boundary Mobility

It is clear from the previous discussions that further progress could
not be made without obtaining much needed critical experimental data. A
crucial test was to design an experiment that could determine,
unambiguously, whether MgO solute affected the grain boundary mobility of
alumina. Several workers had attempted to examine this influence but the
results were always inconclusive because of the interference from ever-
present pores and/or second phases (1,7,9,10,16,18,20,23,32,44,45].

Bennison and Harmer ([47) utilized hot-pressing to fabricate test
specimens suitable for conducting controlled experiments on grain growth.
However, hot-pressed alumina was found to swell during subsequent grain
growth anneals conducted in air {48). The cause of this was determined to
be a gas forming reaction between trace carxbon and/or sulphur impurities at




grain boundaries with oxygen from the ambient. The swelling was prevented
by annealing in atmospheres of low oxygen content or by pretreating the
starting powders in flowing oxygen to burn off the carbor and sulphur
contaminants beforehand {53]. By preventing swelling, grain growth
kinetics were successfuily measured in fully dense, hot-pressed, alumina as
a function of Mg0 solute additions. It was found that MgO doping (Mg/Al =
25C ppm) decreased the grain growth rate in one fully dense alumina by a
factor of five at 1600°C and led to moxe uniform grain shapes. This was
the first direct proof that MgO solute could retard grain growth in
alunina. The samples were believed to be single phase at the time of tle
study and a grain growth mechanism based on a solute drag effect involving
solute particioning of segregated ions (trace calcium contamination and
added magnesium) between different boundary types was proposed.

Table 2. A comparison of rate constants, X (cubic kinetics), for grain
growth at 1600°C in dense aluminas of varying purities.

K value (m’-.s°1)

Source
Undoped MgO Doped
High-Purity (99.938) 1.74 x 10°1¢ 3.90 x 10-2°
(unintentional liquid
phase present) ([47)
Ultra-High-Purity (99.995) 5.17 x 10°1* 1.04 x 107290

(single phase) ([54]

It was subsequently revealed by transmission electron microscopy,
however, that the samples used were sufficiently impure (~99.98 & Al,0;) to
contain a small amount of an amorphous phase at certain grain boundaries
which was presumably liquid at the firing temperature. Accordingly, the
study was repeated using an ultra-high purity alumina (~99.995 t Al,04) in
which there was little chance of forming amorphous phases [54]. 1In these
ultra-high purity samples 250 ppm MgO was found to decrease the grain
boundary mobility by a factor of fifty at 1600°C; an order of magnitude
more than in tha less pure system. The grain structures of both undoped
and doped samples were very uniform in the ultra-high purity work
suggesting that no amorphous phases were present in these specimens (it was
asserted that the elongated lath-like grains commonly observed in less-pure
aluminas signalled the presence of a liquid phase at the grain boundaries).
The degree of grain growth inhibition was correlated with powder purity and
MgO-doping; Table 2 gives the observed trend which is supported with a
recent study by Kaysser et al. [61]}.

It was further proposed that compensating lattice defects played a role
in the grain growth inhibizion mechanism. Results of a study by Lynch (52}




on the kinetics of grain in codoped aluminas had shown that the inhibiting
effect of MgO could be cancelled by an equimolar addition of Zr0, and was
cited in support of this mechanism. A compensating defect mechanism had
been proposed earlier by Roy and Coble [14} to explain the enhanced
solubility of Mg and Ti in Al;0,.

Based upon their findings, Bennison and Harmer concluded that the
dominant role of MgO in the sintering of alumina was to reduce the grain
boundary mobility; the most plausible atomistic mechanism was believed to
be a solid-solution pinning mechanisa,

IX.i{x) 1984: Microstructure Development Maps [51]

In 1984, Harmer introduced a new type of microstructurs development map
to describe sintering which proved to be a valuable aid in deconvoluting
the function of solid-solution sintering additives [51). The diagram
combined the grain size density diagracs developed by Yan [40) with the
pore-grain boundary separation diagrams (originally plotted in pores size -

grain size space) developed by Brook {13]. The maps-were used to
{llustrate the effect of using solid solution additives to alter diffusion
parameters (D,, §,D,, M,, etc.) in sintering. The maps proved their use
when demonstrating conflicting effects of certain additives on
microstructure development. Consider, for example, the cass of altering
the surface diffusivity; Figure 8 shows the predicted effact of raising the
surface diffusivity in alumina by a factor of ten, This produces a
beneficial effect on the pore separation region (recall from equation 1
that raising §,D, promotes pore - boundary contact) by moving the
conditions for separation to larger grain sizes. This is offset, however,
by the detrimentai effect on the grain size - density trajectory, which is
a function of the $G/pG ratio (recall from equation 2 that pG/pG « 1/6,D,).
Overall, therefore, raising the surface diffusivity alone was not
predicted to be helpful to sintering. By a similar argument, lowering the
surface diffusivity was predicted to be beneficial to the ratio but
detrimental to pore-grain boundary separation; lowering the surface
diffusivity alone was also predicted to be unhelpful to sintering. Thus,
the earlier explanations for the role of MgO in the sintering .of alumina,
based solely cn an alteration of the surface diffusivity, did not appear to
be justified. Yarmer went on to use the map to explain the .effect of Mg0
in terms of its combined influence on My (lowered by 5 at 1600°C) and D,
(increased by 3 at 1600°C).

II.x) Critical Experiments on the pG/pG Ratio

By now it was generally agreed that Mg0 decreased M, significantly in
alumina by a solid solution mechanism. At this point Berry and Harmer [57)
grouped the various explanations for the role of Mg0O into four general
catagories, viz: 1) MgO raises the lattice diffusion coefficient, D,,
and/or the grain boundary diffusion coefficient, D,, which raises the pG/pG

6 Note the steepening of the trajectory leads to a kinetic limit to

densification.




ratio and so flattens the grain size-density trajectory (i.e smallexr pores
at a given grain size). 1i) HgO raises §,D, (hence the pore mobilicty) and
lovers the 5G/pG ratio which changes the G -p trajectory to glve larger
grains (and pores) at a given density. 141) MglG lowers §,D, which raises
the pG/pG ratio to give smaller grains at a given density. and iv) MgO
lowers M, which may not affect the trajectory br° will suppress pore -
grain boundary separation.

Explanations 1 - 3 are based upon a change in the relative
densification rate-relative coarsening rate ratio which i{s manifest in a
change in the grain size-density trajectory. Accordingly, a critical tesc
of these proposals was to measure the effect of MgO additions cn the
trajectory. Berry and Harmer [59] measured this influence at 1600°C and
found it to be negligible (figure 9). They were also able to isolate the
separate effects of MgO and densification from their kinetic measurements.
MgO solute was found to increase the densification rate directly, by a
factoxr of 3, through an increase in the grain boundary diffusion
coefficient. MgO solute was also found to increase the grain growth rate,
by a factor of 2.5, through an increase in the surface diffusivity. Since
the additive increased both the densification and grain growth rates
similarly, its effect on the ratio, and hence the trajectory, was minimal.

In oxder to explain the role of MgO the following expression was
derived as a figure of merit: for the resistance to pore - boundary
separation:

(1/6%),8,D, /¥, ceerreeen. (3)

An independent study of graiu growth in fully dense samples conducted on
the same powder [52] revealed that MgO solute decreased M, by a factor of
25 under the same conditions. Combined with the observed increase in §,D,
and flattening of the trajectory (grain size for MgO-doped samples 1.8
times less than undoped samples at a given density) resulted in an increase
in the figure of merit by a factor of 112, Furthermore, since tha additive
acted most strongly through the M, term, it was concluded that the dominant
role of the Mg0O was to reduce grain boundary mobility. The net effect of
doping was displayed on a microstructure development map (figure 10). It
can be seen from figure 10 that tho main change resulting from doping is
that the separation region is moved to higher grain sizes (the grain size
of the tip of the separation region is « (§,D,/M,)/2) and the trajectory
avoids entering the region.

Brook et al. (58] also independently reasured the effect of MgO on the
relative densification rate-relative coarsening rate ratio using hot-
pressing dilatometry. They also found that MgO doping had }ittle effect on
the ratio. Shaw and Brook [60] studied the specific surface area-density
trajectories for alumina which also are sensitive to variations in the
ratio. Again it was found that the additive had little effect on the
ratio. They also measured the specific grain boundary area versus density
trajectory in a carefully conducted ceramographic study., Figure 11 shows
their result. It was found that the specific grain boundary area was
increased at a given density by MgO doping and concluded that a solid-




solution pinning effect was the only additive function evidenced by their
findings.

IX.xi{) Relevance of Solute-Pinning to Inhomogeneity

By the mid 1980's f{t had become evident that the most important
function of MgO solute additions was to decrease the grain boundary
mobility. An important consequence of this action was to minimize the
probability “~7 the cccurrenca of pore-grain boundary separation.

It had ¢ n been assumed that pore-boundary separation was the primary
cause of abnormal grain growth in alumina. Burke (56} proposed in the
1960's that variations in grain boundary mcbility due to chemical
inhomogeneity could also trigger abnormal grain growth. Mistler and Coble
{57) demonstrated that structural inhomogeneity in the green state resulted
in density fluctuations in the final body ard proposed that enhancad grain
boundary motion in high dansity regions could further trigger abnormal
grain growth. Bennison and Harmer [49,50] confirmed these ideas that
inhomogenaity can lead to abnormal grain growth by following a series of
microstructural changes in ‘he sintering of aluaina. It was found in one
powder studied that inhomogeneous densification was the principal cause of
abnormal grain growtn rather than pore-boundary separation. Locally dense
regions wera observed to form in the microstructure at a relatively eaily
stage of gsintering. These dense regiors formed a site for the initiation
of abnormal grain growth due to the lack of restraining pores. MgO was
found to suppress grain boundary motion within the denss regions so
preventing abnormal grain gcowth development. Therefore, a second major
benefit of the solute pinning action of MgO was to stabilize the
microstructure against the consequencas of inhomogeneous densification.

Shaw and Brook [60] also recognized this fact and observed during their
measurement of specific grain boundary area-density trajectory (figure 11)
that MgO preserved grain boundary area in locally densified rsgions of the
microstructure. They described the function of the additive as a
microstructural stabilizer, i.e. ons which acts to restrain such processes

as abnormal grain growth by the pinning of otherviie mobile boundaries.

If conditions of boundary controlled grain growth could be achieved by
doping a non-uniform distribution of porosity would, therefore, not cause
correspondingly non-uniform (potentially abnormal) grain growth. Zhao and
Harmer [62) realized such a result by sintering ultra-high purity alumina
doped with 250 ppm MgO; the grain growth rate during sintering (with a high
fraction of pores present) was observed to be the same as that for fully
dense samples prepared by hot-pressing. This arises because Mg0 solute
lowers M, by an exceptional amount in very pure powders. The density at
which pores no longer influence boundary velocity is much lower (~87 %
theoretical) than for less pure powders. Where MgO additions were seen to
enhance grain growth [57] less pure powders where employed were grain
growth was controlled by pore motion to much higher densities (>99 %).

The combination of using ultra-high purity powders and MgO doping has
been shown to be especially effective in guarding against inhomogeneous
microstructure development. The same benefits have also been demonstrated




in two phase systems where non-uniform distribution of a second phase poses
a similar threat to microstructural stability [62].

A further feature related to inhomogeneity concerns the sintering of
alumina in the presence of a small quantity of a liquid phase. Practical
alumina ceramics frequently concain a small quantity of an amorphous phase
at the grain boundaries resulting from a reaction between trace
contaminants. This often leads to the growth of elongated, flat sided i.e.
facetted, abnormal grains. MgO additions can prevent the development of
such abnormal grains and produce uniform microstructuress.

Kaysser et al. (63] carried out a model study of grain growth in
alumina in which controlled amounts of anorthite glassy phase were
deliberately added. Large spheres of alumina were also included to seed
abnormal grain growth. It was found that the growth rates of matrix grains
decreased in the order: undoped Al,0, - Al,0; + anorthite - Al,0; +
anorthite + MgO - Al,0, + MgO, thus confirming earlier findings where
accidental contamination led to the presence of a liquid phase during
firing [47,51,54). These differences in mobility between clean grain
boundaries and intergranular films were proposad as a cause of abnormal
grain growth where the glass in inhomogeneously distributed on a coarse
scale (following the ideas of Burke [56]). Important observations of
facetting behavior as function of composition were also made by Kaysszr et
al. [63). Specifically, basal facetting and anisotropic growth of the
abnormal, seed grains was observed for all compositions except for alumina
doped with MgO alone. The growth of such facets was observed to be slower
than matrix grain boundaries. It was further concluded that abnormal grain
growth in systems containing small amounts of liquid can be caused by

anisotropic growth of grain boundaries comprised entirely of intergranular
liquid films.

Bateman et al. [68) conducted a TEM investigation of undoped and MgO-
doped alumina contaminated with a sms&ll amount of an amorphous phase in an
attempt to correlate the extent of grain boundary motion with the presence
or absence of an intergranular phase and determine the function of MgO.

The amorphous phase was found as thin intergranular films wetting the long
facets of incipient abnoxmal grains in both undoped and Mg0O-doped material
(figure 12), The long facets were identified as basal type (0001) as in
the case of Kaysser et al. {63). No glass phase was detected at the ends
of the elongated grains and {t was postulated that the ends were not wet by
the amorphous phase. 7 In this system the glass was non-uniformly
distributed on a scale less than the grain size, It was argued that the
rapid growth of the elongated grains in the undoped alumina on subsequent
annealing was due to the large mobility difference between boundary types,
i.e. between the flat, slow moving intergranular films, and the clean, fast
moving end segments. The function of MgO was suggested to be the reduction
in the difference in boundary mobility between these bouridary types; it was
speculated that the solute additions would give & drag effect on the clean
end boundaries. The broad function of MgO appeared to be as a
microstructural stabilizer based upon a solute-pinning mechanism. It is

7 Shaw [65) has recently presented direct evidence for the non-uniform
wvetting of grains of alumina by a silicate-based liquid phase.



clear however, that the exact atomic mechanism, particularly where liquid
phases are present, is very sensitive to the system chemistry.

IX.x{i) Anisotropy of Interfacial Properties

In this final section of the historical review we describe some recent
measurements of the effect of Mg0 on the interfacial properties of alumina.

Handwerker [46), and Handwerker et al. [69), measured the effect of MgO
doping on the distribution of dihedral angles formed at the root of grain
boundary grooves on polished and thermally etched surfaces of alumina. MgO
was observed to narrow the distribution of angles without substantially
affecting the mean value (117°). The dihedral angle is a measure of the
ratio of the free surface energy to the grain boundary energy so MgO
additions reduced the spread in this ratio. This was argued to contribute
towards the effectiveness of the additive in preventing pore-grain boundary
separation. Generally, Mg0 doping would also reducs local variations in
the driving force for sintering and grain growth so promoting the
development of more uniform structures during sintering.

Wang et al., [64]) have also measured the relative anisotropy in free
surface energy of alumina as function of MgO content through the study of
equilibrium pore shapes in sapphire. MgO additions led to more uniform
shapes indicating the additive reduced the anisotropy in free surface
energy. This result, taken with Handwerker’s, suggests that MgO decreases

both the grain boundary energy anisotropy as well as the free surface
enexgy anisotropy.

Baik et al., (55,61,67,70] recently carried out a state of the art AES
study of the segregation of Mg and Ca to free surfaces in sapphire. Strong
segregation of Mg to several different surfaces of sapphire was observed.
Baik and White [67) also studied Ca segregation to free surfaces, although
in this case the degree of segregation was found to be strongly dependent
on the surface orientation. Baik noted that Mg segregates as strongly to
free surfaces as Ca; the negative findings of the 1970's on grain boundary
segregation of Mg were attributed to the poor sensitivity of the technique
to Mg. The observations of free surface segregation suggest that Mg may
segregate to grain boundaries alsc, and that a solute-drag mechanism may
explain the role of MgO as a grain growth inhibitor. Again assuming these
results indicate the segregation behavior in the case of grain boundaries,
the observations of anisotropic Ca segregation may explain the
ineffectiveness of Ca0 as a grain growth inhibitor.

III. SUMMARY AND FUTURE DIRECTIONS

The following general conclusionc can be drawn from the past research
on the role of Mg0 in the sintering of Al,0y. First, Mg0 additions affect
all of the parameters controlling the sintering of alumina (i.e. D), 6,D,,
§,D,, M, and v,/v,) to some extent, Generally the additive affects all
these parameters in a favorable way which accounts, to some degree, for the
potency of the additive in controlling micrcstructure evolution, Second,
alumina responds to MgO doping by different degrees, depending on the



background impurity level and type. For example MgO has been observed to
directly increase densification in some powders and directly decrease
densification in others. Surface diffusion seems to be generally increased
slightly by MgO doping whereas the grain boundary mobility always is
decreased. Thirdly, we conclude that the single most important effect of
MgO doping is its ability to significantly reduce the grain boundary
mobility, despite the presence of varying background impurities, through a
solid solution pinning mechanism. The consequences of the pinning action
of Mg0 solute are a reduced tendency for pore-grain boundary separation,
protection against abnormal grain growth arising from inhomogeneous
densification and/or non-uniform liquid phase distribution, and in some
cases, an indirect enhancement of densification processes,

Concerning future work, it is apparent we have come a long way in
undzrstanding the phenomenology of this classic additive effect. However,
we still do not understand the detailed atomic mechanism through which MgO
solute acts as a grain growth inhibitor in alumina. Without such

fundamental information we do not possess the capability of a priori
additive selection.

At the core of the problem is our lack of understanding of the
fundamental grain growth mechanisms in ionic solids, and our lack of
experimental information concerning grain boundaries in alumina, We need
to know the grain boundary mobility as a function of Mg0 content and
temperature. Segregation profiles would also be required and may now be
accessible with the recent improvements in surface analysis techniques.
However, the chemical characterization of MgO daped Al,0, remains one of
the most difficult obstacles to the complete understanding of the role of
MgO. In less pure systems, knowledge of the grain growth mechanisms where
amorphous intergranular films are involved is needed. From a practical
viewpoint, more information concerning the role of MgO during liquid phase
sintering is needed.

We now have a relatively simple sxperimental methodology for studying
the effects of solutes on grain boundary motion in alumina (54). It is
timely to carry out systematic studies with other dopants of different
ionic radii and valencies to investigate the role of strain misfit
concepts, point defects and compensation effects.
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1.

Translucent polycrystalline a1,0; tube for use in a sodium
vapor lamp; the tube was fabricated via the Lucalox®
process.

Microstructures of sintered Al,0,: a) undoped material, note
pore-grain boundary separation and abnormal grain growth,

and b) MgO-doped material, note high density and equiaxed
grain structure.

Variation of microhardness on traversing a grain boundary in
MgO-doped alumina. (After Jorgensen and Westbrook (9]).

a) Final density and b) final grain s{ze, for a series of
sintered aluminas as a function of Mg0 concentration,
(After Peelan (23], courtesy of Plenum Publishing Co.).

Predicted effect of raising the densification
rate/coarsening rate ratio by a factor of thirty on
microstructure evolution during the sintering of Al,0,.
(After Brook [42], courtesy of The British Ceramic Society).

Specific surface area-density trajectory for undoped and
MgO-doped Al,0,; note the MgO addition has a negligible
effect on the trajectory. (After Burke et al. (36],
courtesy of Plenum Publishing Co.).

Microstructures of a) dense undoped alumina, and b) dense
MgO-doped alumina. Note the MgO addition has led to a more
uniform grain structure and retarded grain growth in these
samples. (After Bennison and Harmer [47)).

Microstructure development map showing the predicted effect
of increasing the surface diffusivity by a factor of ten,
via MgO doping, on both the grain size-density trajectory
and the conditions for pore-grain boundary separation.
While this increasec favors pore-boundary contact, the
steepened trajectory results in a kinetic limit to
densification. (After Harmer ([51}).

Measured effect of MgO doping on the grain-size density
trajectory during sintering of alumina at 1600°C. (After
Berry and Harmer [59]).




Figure 10.

Figure 11.

Figure 12.

Predicted effect of simultanecously increasing lattice
diffusion by a factor of 3, increasing surface diffusivicy
by a factor of 2.5 and decreasing grain boundary mobility
by a factor of 25, via doping with Mg0 solute, on
microstructure development in alumina, (After Berry and
Harmer [59])).

Variation in the specific grain boundary area-density
trajectory during sintering on MgO doping. Note the
additive increases the grain boundary area at a given
density, viz: smaller grain size at a given density. (After
Shaw and Brook [60]).

Transmission slectron micrographs of a) undoped, and b)
MgO-dcped, Al;0, containing trace amounts of an amorphous
intergranular phass. Note the Mg0 additions have led to a
finer, more uniform, grain structure.. (After Bateman et al.

(68)).
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