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INTRODUCTION

This research program has been directed toward basic research into the

role of microstructure in the toughness and strength properties of ceramics,

in particular ceramics that are characterized by R-curve behavior, i.e. an

increasing toughness characteristic with crack extension. The R-curve is now

known to be pronounced in monophase ceramics with coarse microstructures, and

is crucial to the utility of multiphase ceramic composites. It is important

to understand the subtle interrelations between R-curve processes and

materials characteristics, in order that we may on the one hand be able to

establLh reliable design criteria and, on the other, tailor new, superior

ceramics with maximum resistance to damage accumulation and degradation. At

NIST we have been engaged on a program during Fv 87-89 to investigate thesA

interrelations. A key a=pect of our approach has been to establish strong

links between propqrties and processing, fracture mechanics experimentation

and modelling, materials design and characterization. The results of these

studies are described in the appended publications.

The early work in the program was instrumental in identifying a principal

mechanism of this R-curve b~avior in elementary ceramics (e.g. aluninas),

viz. grain-localized iridging behind the advancing crack (1-3,81. Hitherto,

bridging had not been considered seriously as a mechanism of toughening in

ceramics. Our studies using in situ techniques showed clearly that grains

exert significant tractions on the crack walls behind the advancing crack

front by a frictional pullout mechanism.

With this mechanism identified, fracture mechanics models were developed

(2,3,5,11]. These models incorporated the essential elements of the

iii



microstructure in the underlying constitutive stress-separation function for

the grain pullout. The most recent version (11] takes special account of the

microstructural scaling (grain size) and internal residual stresses in this

cnnscitutive law, and thereby opens the way to optimal processing design of

ceramics microstructures.

A primary feature of the R-curve is that it leads to a marked

insensitivity of the strength to initial crack size, i.e. "flaw tolerance".

This has a strong appeal to the structural engineer, because components may be

designed to a specific stress without great concern for variable flaw

distributions, either prior to or during service. Special studies have been

made to demonstrate the benefits of this forgiving property in relation to

processing flaws, such as pores (10]. Proper attention to development of a

strong R-curve eases the demands on flaw elimination in processing.

To this end, NIST has developed an in-house processing capability (in

addition to forming a formal collaborative link with the Ceramics Processing

group under Professors M.P. Harmer and H.H. Chan at Lehigh University). Our

aim is to begin with simple monophase materials, systematically investigating

such simple microstructural variables as grain size and shape. We ultimately

intend to extend our studies to complex composites. This part of the work is

well under way, and we have begun testing our own alumina ceramic materials

with controlled grain sizes and shapes [9,11,14,15].

Another important aspect of our work has been to extend the mechanical

properties evaluation from toughness and strength to fatigue and wear. It

might be argued that the underlying source of the grain-pullout frictional

stresses responsible for the R-curve characteristic, i.e. internal residual

stresses, could have counter-beneficial effects in repeated loading
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conditions: e.g. in cyclic fatiguo and wear. With regard to the latter, we

have given attention to the nature of localized contact damage (6,7), and

carried out actual machining (4) and wear (14) tests on various aluminas. We

do indeed find that aluminas with stronger R-curves show reduced wear

resistance. These results suggest that specific materials may have to be

designed for specific applications.

Work on fatigue properties has also begun. We have extended the R-curve

modelling to include slow crack growth effects, so as to predict static and

dynamic fatigue behavior (12]. Data on aluminas substantiate the modelling.

With this theory established, we can then extend the predictions to cycLic

loading. Preliminary tests on the same aluminas using indentation flaws (13]

indicate, somewhat surprisingly, that for short cracks no deleterious effects

over and above those of slow crack growth occur.

The work described above is scheduled to continue under AFOSR sponsorship

through FY 90-92.
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Crack-Interface Grain Bridging as a Fracture Resistance
Mechanism in Ceramics: 1, Experimental Study on Alumina

PETER L. SWANSON,* CAROLYN 1. FAIRBANKS, BRIAN R. LAWN,* YIU-WINGNIAI,*
2nd BERNARD J. HOCKEY

Ceramics Division. National Burcau of Standards. Gaithersburg. Mtaryland 20S99

Direct microscopic evidence Is prewlned In support of an ex established as a principal factor."' The transforminon events arc
planation or R-curve behavior In monophase ceramics by generally taken to be confined within a "process zone" about the
graln-localizcd bridging across the newly formed crack Inter- advancing crack tip. in :snalogy to the plastic zone responsiblc for
face. In situ observations art made of crack growth In tapered thc R-curvc behavior of metals, Hlowcver, inmportant is it is as a
cantilever beam and Indented flexure specimens of a coarse- rmodc of crack. npcdancc. transformation toughening is currently
grimed alumina. The fractures 3re observed to be highly restricted to a select few ceramics And does not operate in "simple"
stable, typical of a material with a strongly' incireasing resis- monophase materials like aluminas. Crack size effects in these
lance characteristic, but art discontinuous at the micro- latter matenials have becn attributed to sevcral terative causes.
structural level. Associated with this discontinuity Is the with virually no direct experinwcntal substantiation. Pethaps the
appearance of overlapping segments In the surface frac~ture mos. widely quoted of these is the proposal of a frontal rncrot-rack
trace around bridging grains; the mean spacing of such cloud. in which discrete micrafractures act as effective enecrgy
"activity sifts" along the trace Is about 2 to S grain diameters4 sinks in the field of the primary crack.' 7 Another proposal is that
These segments link up with the primary crack beneath the An advancing crack tip is progressively imnpedcd via direct inter.
specimen surface, and continue to evolve toward rupture of the actions with iocked-in internal stresses (e.g.. thermal expansion
bridge as fracture proceeds. The bridges remain active at large mismatch stresses).* Other possibilities that have been considered
distances, of order 100 grain diamete-rs or more, behind the include crack rustraint by pinning and bowing" and by deflection
crack tip. Scanning electron microscopy of some oil the bridg- and twisting.'0 although these are noncumulative mechanisms:
Ing sites demonstrates that secondary %interface-adjascent) they do not have provision to account (or the remarkably long crack
microfracture and frictiona fractions ame impor-tant elements size range ovcr which the R curve rises in many materials.'
In the bridge stparation process. Evidence is sought, but none Which of thc above mechanisms, if any, predominates in the
found, for somec of the more poipular alternative models of R.c,,irve behavior of aluminas and other nontransforniing ce.
toughening, notably frontai-zone microcracking and crack- ramics? The current literature relating to this question is based
tiplnterual-stress itraction. It Is suggested that the crack- almosit e.Nciusively on the capacity of theoretical models to match
Interface bridging mechanismn may be a general phenomcnon measured fracture mechpnics (e.g., applied load vs crack size)
In nontransforming ceramics. data. The question of whether or not the proposed mcchanims

actually operate in the assumed fashion is not directly addressed in
1. Introduction this literature; support is provided only by circumstantial evidence

from limited poitfailure examinations of fracture specimens. How-

T HEME is a growing realization that the crack resistance proper- ever, there is one set of observations, by Knehans and Stvinbrech."
.ties of ceramics have an intrinsic size dependence.' At crack which allows us to narrow down the possibilities. They grew

sizes small in relation to the micixutructure the toughness his cracks through several millimeters in alumina test specimens, and
values characteristic of bulk cleavage (transgranular) or grain found strong rising R curves. Then they removed material adjat.,..i
bouniary (intergranular) energies. At large crack sizes the tough- to the walls behind the crack tip by sawcutting, taking care to leave
ness tends to somewhat higher, limiting values characteristic of the intact the immediate region at the tip. On restarting the crack, the
polycrystalline aggregate. The toughness function connecting resistance reverted immerdiaktely to tho base of the R curve. The
these two extremeis in crack size is the so-called 'R-curvc" fune. unmistakable implication was that the toughening processes must
tion. after the rising crack resistance curves originally found for operate in the wake of the advancing tip. Of the mechanisms
metals.' Such R-curve behavior is of great interest in the case of considered thus far, it is that of distributed mic-.cracking which is
engineering ceramics, for both the structural designer, who needs most compatible with this notion of a wake effect; indeed, the
to know the toughness characteristic in specifiablc flaw size Knehains and! Steinbrech experiment has been cited as evidence for
rrges, and the materials processor. who seeks a basis for tailoring the m-crocracking model.'
new and superior materials. However, Knechans and Steinbrech raised another possibility.

Despite this increasing awareness of the importance of micro- that the source of the rising resistance may lie in some physically
structurally related size effects, there 11aVe been remarkabty few restraining force across the newly formed crack interface. This
attempts at defii,ve identification of underlying crack resistance ilternative proposal had received only passing mention in the pre-
mechanisms. A notable exception is in the zirconia-based ce- ceding ceramics literature.'2 " Knehans and Steinbrech have since
ramics. where transformation toughening is now unequivocally taken their case further. arguing specifically in favor of a grain

interlocking mechanism.'"' The idea of an interfacial restraint is
not the excluisive domain of the ceramics community'. it has been
developed even more strongly in cocee- and rock mechan.
ics," Lithough the detailed miccomechanics of the actual sepa-

Nesnte atth $8h Anui~congof tnAnwicas eraic ocity Chcl!O, ration processes are hardly better understood. Thus it would seem
4L. Anil 30 196 0sth uiccinDvon.e PaperanNo.u166-ca-86Ch'Reed that the lkcy to improving the toughness of nontransforming ce-

April 6. 1986. ictis copy mcc Septebe .. 1986. appm~cd Q~oe 14. ramics could depend primarily on events which occur behind ra
1986 ther than at or ahead of the advancing crack. Clearly there are

Suppm2eJ by the U S Air Force Office or Sejenlirac Rcscarich: svppo for P L S
pro.u!J by an NRC Posidoctorat Fellowuship &W. support hit Y,.W.NJ pwuvidcd by important implications here in the mictostructural design of
the NBS Guest Worke. Prop=c ceramic materials.

'Mecmber. [be American Ceramic Stcicty Tepeetwr sdrce oteo rc
'On leave Pui khe Depinment o i 1.tunical Enjinerung. Universiy of Sydney. Tepsntwrisdecdtohedevelopment o rc

N S W M06. A~straha resistance model incorporating the essential elements of the inter-
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(A) (A) dntdDs

(B)
ObjectiveQ

m Objective
N-u.2. SCKematic of indentaion (law test used to ctb-
serve radial crack evolution 16 fatiure (A) pln viecw.
showing Vickers flaw on cnik surface; (8) side view.
showing flexure system. Specimen dinensions 2S-min
diameter by 2.mm thickness. Biaxial loading. 2*mm.
radius pimch on I0-mm-radius (3-point support,

Fig. 1. Schcmatic of tapered do"bl cantilever Want
test spec~,in used to observe crack Irowth during load-
ins,(A)ioja view; 0~) side view. Specnuncuatfromn
triangular I lab. 12-mni edge length and 2.mrn thickness,
to produce crack I1 mm long. Starter noseb length jpouatdy. the strength plateau at small flaw sizes was seen in three

radis 10 ~s. Wege aigL ~*groups of cerama".s. aluminas, glass-ccrarnks, and barium ti-
tingies. indicating a certain generality in the R-curve phenomenon.
Also, the magnitude of the effect was in some cases considerable:
amounting to an effective Increase in toughness of more than a

facial restraint concept. It is in two pants. Pant I describes experi- factor of 3 over a crack size range of some tens or gVain sizes or
mental observations of controlled crack growth in a coams-grained more. In that earlier study' ihe microstructurai clement was intro-
alumina with strong R-curve behavior A critical feature at these duccd into the fracture mechanics in a somewhat phenome.
experiments is the facility to follow the crack response along its nological manacr~ here we seek to plc the fracture mechanics on
entire length while the driving force Is being applied. We confirm a firmer footing by relating this clement more closely to idcnti-
the presence of grain-localized "bridges!' across the crack inter- fiable crack restraint mechanisms. Accordingly, a detailed analysis
race, over large distances (sevetal millimeters) behind the tip. of indentation fracture data in terms of the bridgIng conceptma
Part 11 deals with quantitative aspects of the R-ctarve behavior, by be foreshadowed as at future goal of our work.,
a tormu ation of the bridging concept in terms of theoretical frac-
ture mechanics. In this endeavor we borrow from analogous treat- ~EPI~UJIPoe
ments in the fiber-reinforced composite and concrete literature.1. x ietWPo ur
Our analysis does not aspire to a complete understandling of the It was oecided In this work to focus on one matcripl, a nominally
physical ligamentary rupture process, but nevertheless establishes pure, coarse-grained alumninat.' We have already made allusion to
a sound mechanical framework for characrizinig the crack re- the Implied generality of the R-curve phenomenon 'Section I)*: our
sistance properies, choice is intended to meet the requirement of a .. ptesentative"

Before proceeding, It is well that we should draw attention to a material, but at the same time one which exhibits the R curve to
recent study on the strength properties of ceramic specimens con- particularly strong effect. (For quantitative measures of the peri-
taining indentation flaws.'" Indeed, some of the issues raised in uient R curve the reader is directed to the VI-labeled curves in
that study provided a strong motivation for the present work. Figs. 4 and l0 in Ref. 20. Figs. 6 and 7 irn Rei. 1. and Figs. I and
There, the idea was to investigate the fracture size range between 3 in Ref. 22.) The relatively Ilge snicrostructure of our material
the extremes of the microscopic flaw and the macroscopic crack by (mean grain diameter 20 p4m) also lends itself to In situ cxperi-
systematically varying the indentation load from specimen to mentation using ordinary means of microscopic Gbservation. In
specimen. It was found that on reducing the indentation flaw size certain instances where it was decemed useful to run comparative
the corresponding strength did not increase indefinitely, as required tests on specime.is without the influence of m*crostructure. sap-
by ideal indentation fracture theory (i.e.. theory based on the phire was used Ds a control material.
notion of an invariant toughness). but tended instead to level off at As indicated, a major feature of our -xperimental procedure is
a strength characteristic of the intrinsic microstructural flaws. This the facility to monitor the evolution of fracture during the applica.
response was attributed to the influence of R-curve behavior. Im- tion of stress. Accordingly, direct observations were made of the

crack growth hy optical microscopy, using the two loading con-
figurations shown in Figs. I and 2. The specimens were surface-
relief polished with 0.3-pum AI1O, powder to delineate the coarser
grain boundary structure. In some cases a thermal etch pie-

*Vnal rwed. Ctx.r% Pmrelisn Co CGoidn. CO treatme-at at (105WC for 2 h) was used to enhance fine details in
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this structure. An important element of our expeirncntal philoto- (2) Cantilever Beam Experiments
phy here is that, by virtue of the cnhan.:ed stabilization its crack The in situ observations -if fracture in the tapered cantilever
groth which attends strong R-curve lchavior.' we iiay hpe to beam specimens (Fig. I) were earned out while carefully and
obscre ..ntical evcnts which in convcntional soilfallure analysis slowly driving in the mouth-opcning wedge. These observations
or even in interrupted tests) mighw pass unnoticed. were all made in air, so that some rate effects were apparent in theThe first of the t'st configurations. Fig. I. is a modification of crack growth (although the velocitics were usually much le, than

the familiar double cantilever beam specim.m, Generally, the rcgu. 10" m"s"'). There was a tendency for the first stage of fracture
lar rectangular beam gcosi0cCir is ictned for quantitative cvalu- to occur suddenly over a distance of several grain diametcrs from
aton of the R.curvc behavior (Part I). Here, however, a tapered the starter notch tip. "Pop-in" behavior of this kind is not uncom-
geometry was used, width increasing in the direction of ultimate mon in notched specimens, of course, in such cases the initial
crack propagation. The main crack was started at a sawcut notch fracture response can be influenced strongly by the local notch
by insrntg a metal wedge. Subsequent crack extension could be configuration. However, discontinuous crack growth was also
controlled via a micrometer drive system. to which the wedge was commonly observed in the subsequent loading, over distances as
fixed. The whole system was attached to the stage of an optical small as one or two grain,. There is the suggestion here of an
microscope to allow for continuous monitoring of the crack cvo- element of discreteness in the mechanics which ultimately under-
lution. Pertinent dimensions of the test geometry are included in lies the R.curve behavior.
the caption to Fig. 1. Appropriately, attention was focused on regions of identifiable

The second configuration, Fig. 2, simulates the controlled flaw "activity sites" behind the advancing crack tip during monotonic
test used previously to infer R'curvc behavior from strength data loading to "failure." An example of the kind of observation made
tSection i). A Vickers diamond was used to introduce an indcn- is shown in Fig. 3. a low-magnification reflectcd-light mosaic of
tation flaw at the center of a disk flexure specimen. The disk was a particular specimen at six successive stages of fracture. The field
then loaded axially in a circular'flat on threcball'support fixture.:4 of view along the crack length covers the first 2 mm from the
with the indentation on the tc~ision side. Again, the entire fixture starter notch at left (not included in the figure). At final loading.
was atu.,chcd to a microscope stage for in situ viewing of the crack stage VI in Fig. 3, the crack cxtcnds clearly across the full 7-mn
evolution. A video recording unit was particularly useful in in- length of the specimen, although again without separating into two
terpreting some of the more subtle features observed with this pans. The areas labeled (A). (B). and (C) illustrate particularly
configuration. Rcfcrance is made to Fig. 2 for relevant test gcome- clear examples of progressive crack-flank damage evolution
try dimensions, through the loading sequence. These areas are magnified in Figs. 4

Some additional, static observations were made on the above to 6 for closer scrutiny of the microstructurl detail.
specimens to add weight to our ensuing case. For example, in the In zone A. Fig. 4, we can follow the formation and rupture of
event of toughening associated with : frontal microcrack cloud, a single ligamentary bridge through all six stages. In stage I the
one might anticipate some detectable surface distortion either surface fracture trace appears to e segmentcd about a large grain.
ahead or in the wake of the primary crack tip. Accordingly, surface as though the primary crack may have stopped and ther, rcinitiatcd
profilomctry scans were taken perpendicular to the crack traces on on a secondary front. However, on switching to transmitted light
some of the cantilever specimens. The cantilever configuration was (e.g., see Fig. 7(8)) and focusing into the subsorface regions of the
more convenient in this regard recausc the entire wedge-loading transparent material, the apparently isolated segments were found
fixture could be transferred onto the profilomctcr stage, thereby to connect together into a common crack iaterfacc. Hencc the
allowing the crack to be examined without unloading. Also, antici- bridge is grain-localized in the projected fr.cturc plane. On pro.
pating that we might need to look more closely at events at the level ceeding to stage 11 we note that the ciack segments about the
of the grain size or below. some of the unloaded d;tk specimens bridging grain have increased their overlap but have not yet linked
were examined by scanning electron microscopy. up, although the detectable main tip is now some 0.75 mim distant.

There is an indication of enhanced reflectivity beneath this same
grain, indicating that the crack.segment overlap extends beneath

I1. Results as well as along the surface. By the time the primary tip has
(l) General Observadons advanced more than 1.2 mm beyond the bridge, stage Ill, the

Our initial examinations of the fracture patterns produced in the upper cp.ck segment appears to have linked up completely with the
alumina test specimens revealed some interesting gneral features, main fracture trace. This does not signify the final state of rupture,
The clearest and most immediate indication that we were dealing however, for there are signs of continued local crack activity
with a crack-interface effect was that, after "failure" (as marked by around the grain of interest, notably at left, through stages IV and
a sudden propagation of the cracks to the edges of the specimen), V. We point out that the primary crack tip is at least 2 mm. i.e..
the fractured segments t.nded to remain intact. An additional force approaching 100 grain diameters, ahead of the bridge site. Finally.
was required to separate the pieces completely. This was our first at stage VI. the lower crack associated with the original bridge
clue that the walls behind an advancing tip must indeed be re- appears to have closed up somewhat, perhaps reflecting the release
stiained by some remnatt forces acting across the interface, of some interfacial frictional tractions.'

Closer surface inspections along the crack traces at various Zone B, in Fig. . evolves in much the same way, but with
stages of propagation soon helped to reinforce this last conviction, certain of the above-mentioned features delineated more strongly
The fracture in our material was predominantly intergranular. as The initial crack segmentation, stage Ill, and subsequent linkup.
previously reported.'" There were signs of some "secondary stage IV, differ little in essence from that observed in zone A.
activity" adjacent to the walls of the otherwise primary crack However, the trace of the crack segment which runs below the
interface, but never further distant than one or two grain diameters bridging grain (and which. incidentally, would appear in stage Ill
from this interface. It will be our aim in the following sections to to be the more likely to lead to the ultmn,te rupture of the ligamenti
confirm that this interface-related activity is a manifestation of a closes up much more abrurly and completely than its counterpart
grain-localized ligamentary rupture process, and not of some r- in zone A. Interfacial iractions persist on loading to stage V. as
laxation effect associated with the wake of an advancing micro- evidenced by the appearance of additional small-scale fissures
crack cloud, about the separating grain. Examination in transmitted light during

this stage revealed substantial subsurface activity. Even more dra-
matic indications of unrelieved iracuions are evident from the post'
mortem configuration at stage VI Final separation has occurred
through virgin material, seemingly "avoiding" the incipient Irac.

'le.in... itiwn, and braig by as-yet ,unntuttd gramts may, indepefdend tlure paths apparent in the previous mirographs. a icirtLti. .t4 lit.r4:,, fra.mion a.tos$ the naY~cat Irututt sutalt Dist r~tion Ibtme,, n thetse [Ali
rxcnnAluu,.e%, ,Itlon I% " .tncipal %oectn here. urig it the cetnsentat disruption caused by this final rupture is given by the extenssi'
J-iih.ultic% -n isohtn Insm ctidh,. ,n ih sub~tl.a.e Jn rig istcs.c . debris. visible as the region of highly diffuse reiloutian. ludg,.J
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* . ?Fig. 4. Entlirgement 0 of t C in Fit .1 stabu:ni:t

I Vi

V I

between the crack walls at the original bridge sale. Figure 7 shows typical micrographs of this region. In paticular.
Consider now the third area in Fig. 6. zone C. In the initial evidence was sought which might point to the existence of a cloud

stage. IV. substantial microcrack overlap occurs. predominantly of distributed microcracks about the terminus. In keeping with the
along rain boundaries, followed by transgranular microrupture popular notion of discrete microfracture initiation at or above some
within the initial span of bridging material, stage V. Again. the critical tensile stress level within the near crack field, we might
final rupture path largely ignores the previously formed, localized expect to observe diffuse scattering within an extensive frontal
crack segments. microctack zone.' No such extended diffuse scattering was ever

We note that at each bridge.rupture site (zones A. D. C) the detected in our experiments. Sometimes apparently unconnected
cumulative amount of surface-exposed crack length is approxi- surface traces were observed in the terminus region (e.g.. as in
mately J times the shortest straight-line path through the bridging Fig. 7(B)) but, like their segmented counterparts behind the tip.
sites. Moreover, the total fracture surface area incorporates a sig- these invariably connected up at a depth of a grain diameter or so
nificant amount of transgranular fracturing. The bridges clearly beneath the surface.
represent an intnnsically high.energy source of fracture resistance. Further null evidence for an extended transverse microcracking

In choosing our examples above we have, for obvious reasons, zone was provided by the surface profilometer traces. These were
focused on the most conspicuous sites. i.e.. the sites involving the taken perpendicular to the loaded crack configuration seen in
largest bridging grains. Higher magnification examinations of stage IV. Fig. 3. The results of several scans, both anead and
loaded crack systems such as that in Figs. 3 to 6 revealed a high behind the crack tip. arc shown in Fig. 8. Minute surface detail
density of smaller. but no less active, sites, particularly toward the associated with the relief polishing is apparent in the scans. but in
fracture terminus. These were again evident as surface offset traces no case is there any indication of a general dilation-induced up-
in reflection or subsurface scattering centers in transmission. It was rising of material adjacent to the crack interface.
thereby estimated that the mean separation between grain liga-
ments could be as low as 2 to 5 grain diameters. (3) Indentation-Strength Experiments

With the realization that our microseopic observations were Direct obscrvations were made of crack growth froim Vickers
capable of detecting grain.scalc nicrofractures while load was indcntation flaws during loading to failure (Fig 2). An example of
maintained, particularly in illumination by transmitted light. atten- the final fracture pattern produced in this configuration is given in
tion was turned to the region arhead of the primary crack terminus. Fig. 9. We see that once the initial radial cracks traverse the central
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(A)

L4

i%. 7. Reflection (A) and trmissi. (8) imrp~k of Waited DCI1 specimen (equivaleto in growth to about stage IV in FS. 31.

HewM Scale 1t

Crack -_ _ _ _ _

A B C DE F

Distance Scale . P .
Fig. 1. Surface ptofilomtetr traces transverse to crack plane in loaded
alumina DCD specimen. Delectable crack lip lies on tract D. Height scale Fig. 9. Reflected light micrographs of a Vckewi indlentlatio site ini a
on scan greatly magnified relative to distance scale. No surface uplift "fractured" alumina disk. Initial radial cracks from low-load (5 N) indenta.
adjacent to crack walls is evident (diamond stylus radius -I jim: hori. lion arms( at first encounter with grain boundary. and grow discontinuously
Zontl position uncertainty = 100 Aim. vertical Uncertainty < 10 nm for alonj boundaries as flexural stress is applied. Specimen thermally etched
longl wavelength, i.e.. X 10 jam. topography variations). to ticveall train structure.

grains which encompass the indentation impression. the fracture beam cxperiments. Notwithstanding these discontinuities. the
proceeds prinarily in the familiar intergranular mode. Once more, cracks wcre characterized by strong prcfailure stability. sometimoes
this fracture runs to the specimen extremities without causing corn- extending to the edges of the 12.5-mm-radius disks without any
plete separation. sign of catastrophic growth. There is no doubt that local residual

One of our acknowledged goals here was to look in fine detail contact stresses contribute to this stability."" but only in part: com-.
at the crack response prior to failure. Accordingly. the tests were parativc runs on sapphire Imicrostructurc-free) specimens under
run at slow stressing rates, in air. for greatest ease of observation, identical test conditions show much smaller. i.e.. 4 1 mm. precur-
Typically, the time to failure was several minutes. At high inden- sor stable growth prior to failure. It seems reasonable to conclude
tation loads (;-,00 N). such that the scale of the starting rpdial that the enhanced stabilization in the polycrystalline alumina is a
cracks substantially exceeded that of the microstructure. the frac- direct manifestation or a rising R curve.'
ture showed an even strongcr tendency to discontinuous evolution. At low indentation loads 0I to 10 N) the evidence for discon-
over distances of a few grains or so. than noted in the cantilever tinuity in the Stabili7cd crick growth wa% even miore emphatic
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pl~nlilly fractured alumina disk.

be an important factor in the R-curve behavior; see Panl 11.
This is the region ofr the load-insensitivc plateau in the strength Some of the broken specimens ntmiind Intact to a degree' %%hich
ON'a" referred to In Section 1. The radial crackcs seened to remain leftl much of. the grain bridging debris trapped between the crack
"trapped" at the encompassing Stair boundaries (see Fig. 9) during wills. An example is shown in Fig. 11I. Thee arc clear indications
the flexural loading up to some critical level. at which point a of" loosening and dislodging of intcrface-ajaccni grins along the
sudden burst of' growth ensued. This initial growth paitter was crack trac. l=ppeazrs from the way sore of'these disturbed grains
highly variable from specimen io spcinen. In many cases the ar: rotated about their centers that there ar intense local tractions
growth distance was small, of the order of grain dimensions, before at work. In cxtrnx cases the intensity of these, tractions is suf-
arresting. Also. individual radial cracks tende:d to propagate inde- ficient to detach the grain comp!etcly, and with sonic energy to
pendently. at diffrtit levels in the loatding. Wc may liken this spire: in som of. the in situ video recording sequences individual
initial phase of" the fracture evolution to the pop-in observed in the grains occasionally di~pp=d along the crick trace in 3 single
beam ':onfiguration (Section 11(2)); however. now we canl be ccr- franse interval (e.g.. upper left of. trace in Fig. 9). Such "pop-out"
tain that wc ar indeed observing in intrinsic property of the events invariably occurred as the applied loading was being in.
small-scale flaw and not some arifact due to the fracture (e.g., creased, so the trctions cannot be attributed to spurious clostare
notch) geometry. On increasing the applied loading further these rorces.
radial cracks continued to extend intermittently, but at an in- For more detailed investigation of. the crack-.nterface events.
cressing jump frnequency with respect to stress increment. Thus the specimens of. the kind shown in Fig. I I were examined by scan-
"smoothness" in the approach to ultimate failure depended on the ning electron microscopy. Figures 12 to 14 arc appropriatze micro-
number of. jumps activated during the loading. In some extreme graphs. Figure 12 shows clesr examples or. thc physical contact
cases the initialI burst of~crack propagation was so "energetic" as to restraints that can ersist at an otherwise widely ope~ned crack
take the stressed system spontaneously to failure. interface. Figure 13 presents a slightly more complex picture. Here
It was also observed that the sam kind of" discontinuous cr-ack the grains in the centers of. the fields of" view have develope:d

growth and arrest occurred at prominent natural. flaws in the alu. secondary mrorfrctures in the base region of. attachment to one
mina specimens. Tese flaws included grain pullout sites on of. the crack walls. There is a strong element of. transgranular
imperfectly polished surfaces and internal fabrication pores. Oc- failure associated with this mic.-ofractur process. partcularly evi.
casionally such flaws provided the ultimate center orfailure, most dent in rig. M3A.L) Lastly. Fig. 14 illustrates a case in which a
notably at ,he low end of" the indentation load scale. Thce seemed bridging grain has brokeni away from both wills and is presumably
little tendency for these competing sites to interact with each other. on the verse ofrdetachmnt from the interface. Indeed. some minor
although ineviibly neighbors would occasionally combine to pro- fragments of. material have already beean thrown off" as fracture
ducc an enlarged. y'et stll stable. composite crack. debris, notably at lower left of the micrograph.

Our observations aof strong discontinuity and enhanced sta. As with the cantiiever beam specimens. evidence was sought
bilization in the indwntion-strensth specimens turns our attention. that might reveal the presence or~an extended frontal microcracking
as in the cantilever beam experiments, to events behind the grow. zone about the tips of" arrested primary cracks in the strength
ing crack tip. Essentially. our in situ examinations of. the radial specimens. Again. no such evidence was round in the SEM
crack evolution to failure. revealed the same kind of" general grain- observations.
bridging features as described earlier in Figs. 4 to 6. Figure 10
.,haws an example of. a particularly large bridging site be~hind the!'.Dsuso
tip of an extended radial crack. Sites of this kind located as far back I.Dsuso
as the indentation impression corners remained active throughout \We have looked closely. at the nicrasi.zural level. into the
the growth to failure. even in those specimens with millimeter- processes of crack restraint in a r"e.:,,,egraind alumina. This, haa-
scale stable extensions. confirming that interface restraints act over tcrial, although osicn6~L4y a simple. nontransl'ormnng ceramic.
distances on the order of. 100 grains or more. The slf-consisiency shows strong -curve characteristics. Our observations provide
of the grain separation patters in the two specimen types examined h. evidence for grain-locahized bridges at the newly formed
here serves to allay any concern that we might be observing some, crack ,ncrface be:hind the tip These observations tic in with the
test-geometry-spciic artifact (although geometry cfeci,. ,.an s'till sawculting experiments of" Knehans and Steinbrch" (Section 1).
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therefore plenty of evidence to suggest that this is a general phc. again. thc absence of any abrupt increases in the crack resistance
nomcnon As far as the rrcseMt study goes. our focus on alumina curve (i.e.. on the scale of the microstructure ilsclf) cxcludes
does not allow us to cxlcnd this generalization to other ceramics certain mechanisms. e.g.. deflction. pinning and bowing. a% pa.
Hlowever. same preliminary obscrvatior.,~.on other ceramice systemns tenitial partners. Mhether internal stresses hAve anything to Jo with
in these laboratories. e.g.. glass-ceramics. along with the implied the bridging mechanism advocated here. e.g.. by establishing wuit
universality in the R-curve phcnomcnoloty from the earlicr. able conditions for creating the ligamentary elemnents in thc first
broadcr-based indcniation-strcrngth study'auS (see Section 1). indi. place. is a possibility that might well be explored.
cate that the interface-bridging miode may be fat more widespread In summary. our observations provide strong. direct c'udcnce
than hitherto suspected. for grain-loealized bridging elements as a principal source of

Although there appears to be little doubt nbout the lton of R-curve behavior in nontransforining ceramnics. The actual phys.
the toughening agents in our material, the nature of the actual ieal separation process involves secondary cracking and firictional1
separation process remains somewhat obscure. We have presented interlocking. but the detailed micromechinics remain obscure. Vc
compelling evidence for the continual development of secondary h.*ve nevertheless managed to obtain some feeling for the critcal
fractures. accompanied by frictional tractions. around bridging dimensions involved in this process for the alumina used here. In
grains, confirming in large part a mechanism foreshadowed by particular. we gaugi: the mean bridge spacing. as reflected by the
Knehans and Steinbrech and co-workers."," However, what we scale ofdiscontinuousecrack growth. to be -2 to 3 grain diameters.
have not been able to determine is the specific form of the discrete and the interfacial traction-zone length behind the crack tip to be
forceeparation function that defines the micuromechanics of the --- 00 grain diameters. These dimensions will serve as a basis (or
bridge rupture event. About all that we might say about this func. our fracture mechanics modeling in Part 11.
tion is that it probably has a pronounced tail, bearing in mind the
persistent activity at the bridging sites in igs. 4 to 6 (in somic cases APNI
long after one or the other of the overlapping crack segmentsAPEIX
appears to have linked up with the primary fracture surface). Evans and Faber' provide a formulation of the frontal micro-

Thec present study, in addition to identifying a most likely source crack zone model from which we can estimate the spatial extent of
of toughening in nontransfortning ceramics, calls into question the any wicrocracking. Assuming that the primary-crsickimicrocrack
validity of practically all altcrnative models. Recall our earlier interaction arises principally from an averaged dilatincy within the
assertion (Section 1) that the evidence cited in favor of these after. frontal zone, yet (to a first approximation) without perturbing the
native models in the literature is almost invariably circumstantial, stress field outside the zone, these authors take the zone width
based at best on post-mortemi fractography. T.he popular notion of (measured perpendicular to the crack plane) as
a profuse frontal microcracking zone is a prime ease in point. Wec
are unaware of zny direct observation of such a zone about a h5 (~*( + u/2r(~T)
growing crack in any nontransformning ceramic material (although where i- is Poisson's ratio. K' is the stress intensity factor associ.
there arc some recent indications that microcrackin; may have a ated with the applied field, and a, is the cnitcal local stress for
role to play in transforming. multiphase ceramics"). Our own microcrack initiation. Inserting Y' - 0.22. K' - 6.5 MPa-rn'
observations gave no indication of dispersed microcrackinj; (other (saturation toughness, see Part 11). and cr, - 20 NIPa testimate
than the bridging grain secondary fractures immediately adjacent to from Evans and Faber). we obtain h -S mm for our alumnini.
the crack walls). Yet according to the frontal-zone models' we
would expect events in the alumina to be observable as far distant
as several millimeters from the crack interface (Appendix). Mome- Acknowliedgmenits: The authors tratefuttr akolide ismulturg ds-

11sit .wt R Cook. E.R.t Fuller. F, Lane. D, B. Mhall R cAtxn hover, one would expect to find these events manifecsted cumu. W V .Sw urn the 'ourse of this %boek, T. Votbtlt Ixtfatned the ro.
lativejy as a general uprising cf material adjacent to the crack trace flitisear sEes.
on the free surface of the fracture specimens. since it is via a
predicted dilatancy that the microcracking makes its predominant
contribution to the toughening.' Striking examples of this kind of Reference
uprising have in fact been reported in studies on zirconia,.'-' 'Y W. hM and BXR Lawn. 'Crack Stability and Tou;hniti Clwacicflatcs ins

wher th disipaion-onedescipton i beond ispte.Bgai. ttle Materials. Ann. frv Maier Sci.. 14. 415-39 (1986)
where ~ ~ ~ ~ ~ ~ ~ ~ ~ ~ ~ ~~~0 thtispto-ocdsrpin sbyn ipt.Aan D rock. Chis. 5 anid I in Elementary Fraciur Nfe'hanks Slananus-Ni~hott.

the ceramics profilomeitry examinations revealed nothing (at least Bosion. 1912.
within the resolution limit of the profilometer) to support the di. don,C 258553170e70 R (.H19n.ad 75aco.'eamcSei.,'ueso.
latancy argument in the alumina studied here. "Advarices in Ceramics. Vol. 3. Science and Technology or 7jaeonia Eitaed by
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Crack-Interface Grain Bridging as a Fracture
Resistance Mechanism in Ceramics: 11, Theoretical

Fracture Mechanics Model
YIU-WING MIA! and BRIAN R. LAWN~*

Ceramics Division. National Bureau otStandardls. Gaithersburg. Nlar~land 208i99

A fracture mechanics model Is developed for nontranstorming 1. Introduction
ceramics that show an Increasing toughness with crack exten.
sian (R-curve, or T-curve, behavior). The model derives from IX E HAVE presented direct expcrimental cvidence in Parn I tor
the observations In Part 1, treating the Increased crack re..Y a mode of crack restraint by grain-localized interfacial
sistanct as the cumulative e'ffect of grain bridging rrstraints bridging behind the advancing tip.' The suggesvion was nude that
opertiting behind the advancing tip. An ekment of discreeness this mode ot restraint is probably a dominant mechanism ot
Is incorported Into the formal distribution function tor the R-curve behavior in ceramics, at least in noncransforming cc
crack-plane restraining stresses, to account for the primary rms.Consequently, there is a need to develop a suitable fracture
discontinuities In the observed crack growth. A trial force. mechanics model. to establish a sound basis for materials design.
separation functLat for the local bridge microrupture process This need constitutes the primary driving force for Part ii or our
is adopted, such that an expression fr the mkrostnacturt- study. We shall dedive a formulation for the crack resistance: as an
associated crack driving (or rather, crack closing) force may increasing function of crack size. bounded in the lower limit by
be obtained In analytical form. The description can be made to somec intrinsic toughness (determined by bulk cleavage or grain
fit the mafn trends In the measured toughness curve (or a boundary energies) and in the uppcr limit by the macroscopic
ccarse-grained! alumina. Parametric evaluations front such fits toughness (representative ot the microstnictural composite), Fol-
conveniently quantfify the degree and spatial extent of the lowing Pant 1. we shall again take coarsc-graincd alumina at our
toughening due to the bridging. These 'parameters could be representative material, using the measured scaling dimensions for
useful In materials characterization and design. It Is ruggested the interfacial bridging process as a basis (or quantitative analysis
that the mechanics rorniulation should be especially applicable ot the observed R curve (or. as we shall come to call it. the T
to configurations with short cracks or flaws, as required In curve). In setting up our model we will be particulariy mindful ot
strength analysis. the discontinuous tyet highly stable) nature ot the crack growth

durinig the loading to failure, most notably in the strength configu-
rations.' Speaking at strength configurations, the present analysis
supersedes that described in an earlier study using controlled

Pcrited it ihe 88ils Annual Mcetirn or the Armcrin CtUmic Soc-icty. Chc~o flaws." where the microstructural contnibution to the fracture
1L. Arii 30. tis tmist Scierwe Diision. Paper No 16&-861 Received mechanics was introduced empirically without reterence to any
Apr il 16. 1086. reawd co~py ,cenIed Sc ,tebei? 2. 1986. a1Xu~ed 06iobet 14. specific toughening mechanism,

S otc!by ihe V' S Air Force office or Scienftr:; Reerh support rot An important teature at our modeling will be the capacity tor
Y ht Stid Vkft by the NOtS GuCii 'AW0(Ct PNXsrM separating out the fracture mechanics tram the m~tenal character-

Wrtivmhr. the Arrieien Cerimic Sm:ety
'on~ ieac firm the Depianmecni of Slechjnii Engineennij. Uninetsiy of S)dr~I. istics. Essentially, our tormalism requires us to specity a local

N S W .1006. Australia torce-separation relation tor the restraining interfacial ligaments
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Our obJCfvations in Pan I providc li11k clue as !0 %hat funda. K. n T i T,- XK. 12
mcntal matrial quantities should appear in this relation. but they
contain Some indications as to thefinrm t.e.. pronounced U1 and The quantity T w TM dcfines the effectvc toughncti function. or
spdtl eitent (I e,. as dtermincd by the crial bridging dimen. T curve. To obtain a rtising T curvc. the K,1&h I functional deapn.
sions refer:d to above) of the functional dependence h is thus d:acics m;u$t b either positive dcereast; g or negative intcasing
incvitablc that our treatment. %hile structured on a ,ell-confirped The exstcnce of a rising T curve introduces a stabilizing inilu.
physic.l separation modl. will retain an ekment of cmpiricism. cncc on the crack growth. We have alluded to such stabl:taiton
We shall make usc of pecccntis s(t elsewhere in decidtn on an repeatedly in Pas 1. From Eq. (I). ihe condition for the cqui.
apprratc function for our alumina. This approach Aill preclude librium to rcmain stable is that dKlde . tr0,alling that
us (i, naking a priori predictions of R.urve behavior in e':hcr dr,,.dc - 0). Conversely. the condition for instibility si that
matrcials. Accordingly. questions as to whyR.curvc behavior is so ,ldKc > 0 (althoulh satisfaction of this condtion does not
,ariable from macrial to material (even fof Ma.a1.A Of the $310e always guarantee failure- See Section V In tcrms o" 1:q 121 the
nominal composition. diftrinS only in the graii boundary strue. corresponding stabilitytinstability conditions arc cxprcssibce at
turei).' are posed as important topic areas for future rescartlhers. dK.1i c d/dc. This latter forms the basis for the convctiinal
Conversely. our formulation will cnablc us to descnb. the com. T.curve (R.curvc) construction.
plctc crack resistance behavior for a iven material without pliet (2) Mkrostmrcture-Asuocited Stress Intensity Factor
knowledge of the fundamental underlying scparation relaiions.

Once again. lef us lorcfhadow one of the ultimate goals of our No' let us consider the way in which the microstructural crack

study. to account (or the anomalous strength characteristics shown restraining forces may be folded into the fracturc mechanics de.

by matcrials with strong R-curve behavior.' ' In this paper ,%€ shall scription. Specifically, we seek to introduce the effect ot re-

confine ourselves to qualitatie explanations of some of the more straining bridges behind the growing crick tip as an intcrnal itrcss

distinctie features of the crack response from indentation flaws. intensity factor K. - K,. We shall focus specifically or line cracks

hanwit. the relative insensitivity of failure stress to flaw size at low in this paper, although this should not be seen as restricting the

load, and the ssociatcd growkth discontinuities. A detailed quan. gencral applicability of the approach.

titatis treatment of the problem. in %hich the indcntation.strengh The configuration on which our model is to be ba3scd is shown

data are invencd to obtain the R curve, will be given elsewhere.' in Fig. 1. The interfacial bridging ligaments arc vepresented by the
array of force centers (circles) projected onto the crack plane. This
ay is depicted here as regular but in reality of course there will

I1. lnterfacil Crack Restran Model be a degree of variability in the distribution of centers.) lierc c is
the distance from the mouth to the front of the crack and d is the

In this section Ae develop a fracture mechanics model for a mean separation between closure force centers. Note that at very
crack mstrained cit its newly formed intcrface by distributed closure small crack sizes. c < do. ihere de is the distance to the first
forces. These closure forces are identified with unrupured bridges bridge (not necessarily identical with d; see Section Il1, the r nt
%hosc specific nature is determined by the ceramic microstructure. encounters no impedance. As the front expands. bridges are actis.
As such. the restraint is analogous to that considered in the fiber- vated in the region d,) , x : c. These bridges rcmain active until.
reinforced ceramic composite models," although the underlying at some critical crack dimension c° ( .d), ligamentary rupture
microstruciural nspure mechanisms in the monophase materials of occurs at those sites most remoie from the front. Thcrecaftr a
primary inerest here may be of an entirely different kind. We shall stcady.statc activity zone of length co - d, simply translates ,ith
begin with a general statcment of the crack rcsistancc problem and the growing crack.
progressively introduce factors specific to the processes described This configuration would appear to have all the necessary ingre.
in Part I. dients to account for the most important features in the crack

(1) General Statement of Crack Rtsissance ProMm response observed in Par I. The enhanced stability arises from the
utanalysis here is baed on equilibrium fracture mchanics, increasing interfacial restraint as more and more bridging sites are

Our an he i ba on fracth e menion activated by the expanding crack. The discontinuous nature of the
ie.. on the Gnffith notion that a crack is on the verge of extension growth follows from the discreteness in the spatial distribution of
ohen the net nchanical driving force on the system is just equal closure forces at the crack plane. Thus the initial crack may be-

to the intnsic resistance (toughness) of the material.' The qui- c ome trapped at first encounter with the bridge energy barriers. If
ibrium can b stable or unstable, depending on the eracksize these barriers * er to be sufficiently large the entire crack front
variaion of the opposing force terms. The terminology "R curve could be retarded to the extent that, at an increased level of applied
derives from energy release rate (G) considerations, herey stress, the next increment of advance would occur unstably to the
R , Rtr is the crack-sizc-dependent fracture surface energy of second set of trapping sites (pop-in). With further increase in
the material. Here we shall work instead with stress intensity applied stress the process could repcea itself over successivc barn-
f wctors tan because of their simple linear supersability. replacing rs. the jump frequency increasing as the expanding crack encom.
R with an analogous toughness parameter T "*(): hence our passes more sites within its front. Th:rc is accordingly a smoothing

ureeren pointisagen for the tm uout of the discreteness in the interfacial restraints as the crack
Our staring point is a general expression for the net stress grows larger until ultimately, at very large crack sizes. the distribu-

intensity factor for n equilibrium crack: lion may he taken as continuous.

In principle, we should be able to write down an appropriate
K K. + -, To (I) stress intensity factor for any given distribution of discrete re-

straining forces of the kind depicted in Fig. I. Unfortunatety. the
K. - Ka.() is the familiar contribution from the applied loading. formulation rapidly becomes intractable as the number of active
The terms K, = Karl represent contributions from any "internal" restraining elements becomes larger. To oveicome this difficulty
forces that might act on the crack, such as the ticrostructure- we resort to an approximation, represented in Fig. 2. in which
associated forces that we seek to include here. L,, is taken to be the the summation over discrete forces Fear) is replaced by an integra-
intrnsic material toughness ti.e.. the effective K1, for bulk cleav. tion over continuously distributed stresses p.) = F(r)/d These
age or grain boundary fracture). strictly independent of crack st:€. stresses have zero value in the region.t < d.. reflecting the neces-
Of the individual K t, rms in Eq. (I) it is only K. which is mont. sary absence of restraint prior to intersection of the first bridging
tored directly. via the external loading system, in a conventional sites. They hava nonzero value in the region do < .x < c up to the
fracture test. Consequently. it has become common practice to crack size at which ligamentary rupture occurs (d, S c c). and
regara the K, terms implicitly as part of the toughness character thercaftcr in the region do + r - vs < x < v where a steady-
isuc. This philosophy is fornialized by rewriting Eq. (1) in state configuration obtains (4 > r"). This approximation is tanta-
the form, mount to ignoring all but the first of the discontinuous jumps in the
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Fig. ~coc Q J in m . 0 d Fig. 2. Rcprcsentation of bridiin restraint o'ct c rac
11ll. C. oh rcCirclen indi. brdges . plane by continuos closure stress distnbution. Disinu.
Van. V(r ot. ucic tk cls cicle bridles; olen lions shown fee three cr3ck kngths c rclative to id4 andl ri o ch s t kc n o t wll c i t s .c lo se d i tclc px lc n lii l sh c $ .( e c F ll,1(sec Fig. II.

obscrvcdcrack cvolution. Wnight considersuch sacrficc of part then gives, in the approximation do-. : (t.g,, specincns vith
of the physical reality to be justifiable in thosc cases uhtrc the large notches: xc Scctioci 111)
critical crack configuration cnconpasses many bridging sites. as
perhaps in a typical srcngih test.' K.. - 0 (do >'c) 041:)

The problem may now be formalized by writing down a
microstructure.associated stress Intensity factor in terms of the K.. -(ETO)I f PMudu Id4 S c -cl 0~b)
familiu Greens function solution for line cracks:' a to

K'. 0 (d,>d (3':) A;. - -(EITofp(u)du (C > co

i t'r- -. ni tzf ptx)d x)I(c - . f,

-, \Wc point out that u" - u(da. cO is independent of c. so K,. cuts
off at c 2 Co.

(da Z c M N) T ub) u by rificing sclfconsisencyln orsolutions, chveob,

tained simple working equations for cvaluating the microstructure.
K. -26 P-.- " J pteOd(.r/(e -x associated stress intensity factor. We have only to specify the

stress- separation function. p(u).
(c > c) (30 (3) Strtss-Separwio Function for Interfacial Bri4cs

%hcre ,k is a numenral crack geomctry term (-.' "). At this point The function p(u) is determined completely by the micro.
another major difficulty becomes apparent. Wc have no basis, mechanics of the ligamentary rupture process. We have indicated
either theoretical or experimental, for specifying a priori what that we have limited information on what form this function should
form the closure stress function pux) must take. On the other hand, take. Generally. p(u) must rise from Zero at u = 0 to some maXIu
we do have sonic feeling from Part I. albeit limitcd. as to the mum. and then tail off to zero again at the characteristic rupture
functional form p(h), where u is (one half) the crack opening separation um. There are instances in the literature vhere the rising
displacement. Moreover. it is p(u) rather than.ph9e) which should in portion of the curve is the all-dominant feature. e.g.. as in brittle-
principle (if not readily in practice) be amenable to independent fiber-reinforced composites where abrupt failure of the ligaments
experimental or theoretical determination. Thus. given knowledge cuts off an otherwise monotonically increasing frictional re.
of the crack profile, we should be able to replace x by u as the straining force.1'6 On the other hand. there are cases where the tail
integration variable in Eq. (3). and thereby proceed one step closer dominaics, as in concretes where the scpation process is much
to a solution, more stab!e. Our observations on the alumina in Part I would

However. even this step involves some uncertainty, since the suggest that it is the latter examples which relate more closely to
crack profile itself is bound to be strongly influenced by the dis- the polycrystallinc materials of interest here. Moreover. specific
tribution of surface tractions: i.e.. u(x) strictly depends on p(x) modeling of one of the potential separation factors alluded to in
(as well as on the applied loading configuration). which we have Part I. frictional pullout of interlocking grains, does indeed result
just acknowledged as an unknown. A proper treatment of the in a mono(onically (linearly) decreasing p(u) function."
fracture mechanics in such cases leads to a nonlinear integral Thus we arc led to look for a trial stress separation function
equation.' for Which no analytical solutions are available. With this which is tail.dominated. The function we choose is
in mind we introducC a simplification by neglecting any effect that P(u} = pl(I - u/u*)" (0 S u S ul) (6)
the tractions might have on the shope of th. profile. yet at the sane
time taking due account of these tractions. via the way they modifythe net driving force K in Eq. (I}. in determining the ina~gninule where p" and u" are limiting values of the stress and separation.
of the crack opening displacments. .ccordingly, we choose the respectively, and in is an exponent. This equation is illustrated byfamiliar near-field solution for a slitlike crack in equilibrium. i e the solid curves in Fig 3 for three values of mi m = 0 is theat K r" ol" u fi simplistic case of a uniformly distributed stress over the bridgingactivity zone: in = I corresponds to the frictional pullout mech.

10.r. i = ('*v10T..I rE) " - .0"i (4) "nisn just mentioned;': in = 2 is the value adopted cmpirically for
fiber concretes." As we shall see. in reflects most strongly in the

where E is Young's modulus. Substitution of Eq. (4) into Eq. 13) way that the ultimate T curve cuts off in the large crack size limit
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I , Fla. . orlnisfor crack systcm Alth starterrn no& Efict Ootchis t4 remnove all "me
Wiling titstiaats ome 00'. Cquivskni =In

the crack origin at 0', Caicls sins r igeate Oits is
Crack-Wall Separation, u In~ Fig. I.

?f3Trial sttsepaaiof function p(m) for three
Mcs"o( xpoent InEq.(6). biroken curve Is more

"iCallstie" fuint T(Ac) T. (Ac > AMe 014r)

Thus within the limits of the approximations used here (most
notatly the **small-scale -one" approximation used ta derive

Note that the representation Is extreme in the sense that it totally Eq. (s)), we o*,,in aTr curve uhih Is geometry insensitive. I.e..
Ignores the rising portion of p(m) (cf. the broken curve in Ft. 3). Ifldpendent of cs. Note also that the steady-stare bridging n.ne

Equation (6) may now be substituted into Eq. (5) La the Inte: length from Eq. (8)'
grattion carried out to live Ac* - d + (wE 12V2.,)a 12

K,. - 0 (d> 0) t7a) is likewise geometry Insensitive. We shal have moom to say about
K.. n- (r. -Tu) (I - 11I ((c - do)/(co - dj))"r't) this in Section IV. At this stsge the rationale for out parameiter

16 definitions become.- apparent; To and '. define the lower and uppcr
(da :9 c : c9) (7b) boundls, and Ac' the 3patialmitnt. of the T' curve.

K.- -M - r~) (v > cl t7c) To illustrate the applicability of the formulation wt examnine the
degree of fit of Eq. (11) to some experimental data, provided to us

% here we have made use of Eq. (4) to eliminate u* - &,(do, co) in by M. V. Swain on a coams-grained atumina. The material tested
favor of C9. i.e. by Swain was of closely similar microstnucture to that of the

alumina used by us in Parg 1, i.e.. reasonably large grain sizec* do. + (irEai'/2/-2Ta) (N) (16 jum; cf. 20 jamn in Pan 1) and nominally pure composition. He

and where we have defined used rectangular double cantilever beamn(DCB) specimens. dimen.
sions 50 by & by S mm, notch length I I mm, to obtain his crack

7'. Tar, + EpOR/(M + IM)? (9) data. These particular data were chosen over others in the literature
to eliminate ps because of the special precautions taken to minimize spccimen end

effects (wee Section IV). Swain's results ame plotted as the data
points in Fig. S. The theoretical fits, shown as the solid curves for

Ill. Crack Resistauc Curve fixed exponents m - 0. I1. and 2. were computed for trial values
We ae nw i a ~siionto eneatetheeffctie tughess of d U 5Q jum (-n3 grain diameters) and Ace - 10 mm ("'600

Wcto ar ow in. a2poitint enrt h efcie.ogns grain diameters) in accordance with the estimates from Pan 1. with
funcion rom q. (). Ie.To and T. as regression adjustables.

Tk) - Tos - 4,.(c) (10) A word of caution is in ordler here. Any "goodness of fit" that
we might consider evident in Fig. 5 may properly be taken asonce the parmeters Tu. T.. co. du. and m ame known for any given lending credence to our model. However, i( should nti be seen as

material. Here we shall focus on the derivation of these paramaters constituting proof of our model. In essence, our equations contain
for coarse-grained alumina. leaving consideration of the crack ive parameters whose values are, to a greater or lesser extent.
stability (including the train-scale discontinuities in growth re- unknown a priori. Thus, for instance, the accuracy of the fit is not
ferred to in Part I) to the Discussion (Section IV). sensitive to the trial value of d, but it It sensitive to Ace (reflecting

Usually. crack resistance data are obtained from test configu- the fact that the DCB data are weighted toward the region
rations which employ a starter notch, as introduced, for example. Ac )t- d). Such sensitivity to the choice of any one parameter
by sawcutting. The use of such a notch, in addition to providing a inevitably contributes to the uncertainty in the other parameters.
favorable geometry for running the crack, conveniently establishes Consequently, despite all outward appearances an Pig. 5. we would
the origin of extension at the base of the T curve. We now need to be reluctant to assert that m -0 is the "true" value of the tough.
transform our coordinates. as defined in Fig. 4: we have c = c" + ness exponent.
Av'. do = r., + ud. where c,, is the notch length. Combining Notwiihstandtng these uncertaintaes in the parameter deter-
Eqs. t7) and (10) then gihes minations. wve may usefully estimate the force-separation parame-

TIAc) = To (d > 4c0 (1Ila) ters p*,and u, in Eq. (6). Thus. substiuting E =400 GPa.
ok= 7r * (ideal line cracks), along with the best-fit values of T',.

T(Ac) = T. - (r. - Tj) into Eq. (12) givcs u$ I pim (independent of in). This is of the
X(I - [(v- #I)/(Aro-d" 11" order of the crack opening displacements evident in the micro.

[(Ac' )]"~)"graphs in Part 1. Further substitution together with the regressed T'.
Id S Ar S Ac") (Illb) values into Eq. (9) gtves po 25 NlPa (m =0). 40 hil'i
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10 pthat th diret Observations In Part I May be sen 3sc$tc MIC .M
ever. the ncw model has Its roors In a posJIIVely kicnitiriablc tough.
C1n11n1 *Mchani$M, so taking us one step closer to 3 fundtticntal

Hoee.i ed t ercpaic that the element oif enpirt.
E mR* cism has no( been entirely eliinated in the present trremnt.

Theme is ths: issue of the forcc-separation relation p~u), which 'uc
1 6 I muhave maits rsaz.d by the taal-dominated function in Eq. W6) Ideally.

mn -2 we would like to bs: able to determine p(u) from fitrst rinciples. but
thu ~uk.j'Nim a more detailed understanding of the grain

* ~bridging miermeChaisms than It available at mrscnt Only then
4 may we hope to specify what ininnik maicrial properties. other

than E and To (wee Eq, (5)) govern the toughness behavior. At that
Stages we may be int a position to answer sonme of the mr' pressin.g

2-. questionts that &rise in connection with obsryed r1 curve trends.
I I Thus, ii hat is the explicit dependence of toughness on grain size.

I and (perhas more intriguingly) what is t a~bout the Incorporation
of a glassy grain boundary phase w'hich so dramatically washes out

_J the T-curve effect!" 5 What rol do internal microsiresscs plsyl! It
0 2 4 6 1 10 is with such issues Owa our ultimate ab-*.ity to tailor superior struc.

Crack Extension, Ac (mm) tural ceramics must statly rest.
Theme are other limitations of our analysis which watrant further

Ni. 5. Fi o (II tit*doubl cantilevarbeam (DC11 toghest data comenft. particularly in relation to geometric effects. In our quest
on coarUs e l al Xumina. Fil arc fOr 'I SO .40m. 1c * aO 0Mm. for an analytical solution to the fracture mechanics equations -At
Wn M N 171. and 2. %ith T11 an T. as adjustables. (Data coursesy hav reore to a questionabl approximation of the crack-wall

MiV S'aln,) displacement profile, Eq. (4). Quite aspat from the (act that this
approximation is strictly justifiable only for traction-fret wall1s.
i.e.. in cleat violation of Ih very boundary conditions that we seek
to incorporte into our analysis, it requires that we should not

tn O )~and 55 MR& fm - 2). If thesestressk-gs seem low, we attempt to extend the description beyond the confinecs of the near
may note that the composite qu~antitypsi/(w + '.). which repre- field. Yet the results of our experimental observations In Pan I
senits the work per unit areas to separate the )ri~ige5 across the show bridging activity zones of order millimeters. which is by no
fracture plane (sec Integral in Eq. 5(c)). is of orer JO im". i.e.. men an insignirkcui length in comparison to typical test speci.
comparable with typical fracture surface energic . men dimensions. Th .a contrary to the predictions of Eq. 0 1). we

Finally In this section. let us note that we have -. t to addreie the should not be surprised to find a strong geomectry dependence in thc
issue of crack instabilitis in the T-curysc chatracte~istuc. Riecall that, measured T-cumv response. Such a dependence has been observed
our analysis smoothes out all but the very first bridg~e discontinuity, in practice. particularly in singitecedgecnotched beam specimens of
i.e.. ate r n d; the data in Fig. 5 arc inslifficiently dtaiiled in this alumina with differet iwer notch lengths. "" There as: in fact
region to allow any quantitative resolution of this juestion. We reported instatices, in fiber-reinfor':ed cements.' where specimen
need to So to short-craek conFigurations. An account 4( the T-curve size: effects can dominate the intrinsic component In the T-curve
construction for such configurations is deft-d so Sec~tion IV. characteristic. This is an added concern for the design engineer.

whose faith in the T-curve construction is heavily reliant on our
IV. lDkcw-iee ability to prescribe TWc as a true material property.

Notwithstanding the above reservations, let us return to the
We have derived a T-curve (R-curvc) roodel based on bridging question of crack growth discontinuities raised toward the end of

tractions at the crack interface behind the advancing tip. The model Section 111. It was pointed out that we need to consider short
contains several adjustable parametes, but parameters to which we cracks, i.e., cracks smaller in length than the distance to the first
may nonetheless attach physical meaning. Thus the spatial patium bridging sites, and indeed preferably smaller than the mean bridge
ters c* (Acl) and d. respectively, define the range at the T curve spacing itself. This is. of course, the domain of natural flaws. The
and the characteristic .separation between bridging elements. The indenzation method is one way at Introducing cracks of this scale.
toughness parameters To and 7. respectively define the base crack with a high degree of control. and will be the subecct of a detailed
resistance in the absence at microitructural restraints (lower limit quantitative analysis elsewhere.' For the present, we simply con-
to T curve) and the macroscopic crack resistance (upper limit). sider such a crack, but without residual contact stresses. subjected
Then we have the paramecters m. po. and V. which determine the to a uniformly applied tensile stress. w'.. Figure 6 is a schematic
empirical I'orce-separation "law" for the bridging process. These T-curvc construction for this system, showing how the initial crack
parameters. once evaluated for a given material, could be useful in at el < d evolves as the applied stress is increased to failure. The
structural design. plot is in normalized logarithmic coordinates, to highlight the

It is instructive to consider how the present treatment of the response at small c. This same plotting scheme allows for a con-
microstructural contribution to crack resistance characteristics dif- venient representation at the applied stress intensity factor.
fers from that proposed in an earlier study of indentation-strength K. - *O'c"2. as a family of p.~rallel lines at slope Vs at different
systems." in that study the microstructure-associated stress in- stress levels. The sequence at events is then as foIL vs: Wi at
tensity factor K. (cf. K, used in this work) Was introduced in terms loading stage 1. K. = Ka.(o the crack remains . ationary;
of an empirical grain-localized driving force at the radial crack (ii) at stage 2. the crack attains equilibrium at K. -Tc). and
center, in direct analogy to the (well-documented) residual-contact extends from an unstable state at I (dKjldc > dr/dc) to a stable
force field.""," There. K.. was defined aS a positiv'e term ike'- state at J (d/dc <daTdc): (iii) on increasing the load to
creaising with respect to crick size, with T. as the reference tough- stage 3. the crack propagates stably through J to L up the T curve;
ness level (i.e.. the level at which K. = 0). Here. K,, is defined Iv) at stage 4, a tangency condition is achieved at M. whence
as a n:egative (closure) tornm intwreasing with respect to crack size, failure occurs. Thus our model has the capacity to account for the
with T,, to the reference toughness level W,. = 0). Conventional irst crack jump discontinuity (pop-in), as well as the enhanced
fracture mechanics measurements. i.e.. measurements of crack stability. we have come to associate with this class of material.
size as a function of applied load, cannot in themselves distinguish As a corollary of the constructon in Fig. 6. note that the critical
between these two alternative K descriptions. It is in this context loading condition at Ml is not affected in any way by the initial
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An indentation-strength formulation is presented for nontransforming ceramic materials that
show an increasing toughness with crack length (T curve, or R curve) due to the restraining
action of interfacial bridges behind the crack tip. By assuming a stress-separation function for
the bridges a microstructure-associated stress intensity factor is determined for the penny-like
indentation cracks. This stress intensity factor opposes that associated with the applied
loading, thereby contributing to an apparent toughening of the material, i.e., the measured
toughness in excess of that associated with the intrinsic cohesion cf the grain boundaries
(intergrantilar fracture). The incorporation of this additional factor into conventional
indentation fracture mechanics allows the strengths of specimens with Vickers flaws to be
calculated as a function of indentation load. The resulting formulation is used to analyze
earlier indentation-strength data on a range of alumina, glass-ceramiq, and barium titanate
materials. Numerical deconvolution of these data determines the appropriate T curves. A
feature of the analysis is that materials with pronounced T curves have the qualities of flaw
tolerance and enhanced crack stability. It is suggested that the indentation-strength
methodology, in combination with the bridging model, can be a powerful tool for the
development and characterization of structural ceramics, particularly with regard to grain
boundary structure.

I. INTRODUCTION Perhaps the most comprehensive studies of this T-

Recent studies have shown that many polycrystal- curve b;:havior have been made using a controlled flaw

line, non-phase-transforming ceramics exhibit an in- technique," in which the strengths of specimens con-

creasing resistance to crack propagation with crack taining indentations are measured as a function ofiden-

length.'" At small flaw sizes, comparable to the scale of tation load. It was found that, for large flaws, the

the microstructure, the toughness Tis an intrinsic quan- strengths tend to an "ideal" - I power law dependence

tity representative of the weakest fracture path. At large ofstrength on indentation load, indicative ora nonvary-

flaw sizes the toughness tends to a higher, steady-state ing toughness. At small flaw sizes, however, the

value representative of the cumulative crack/micro- strengths decrease markedly from this ideal behavior,

structure interactions in the polycrystal. The progres- tending instead to a load-independent plateau. Signifi-

sive transition from the low-to-high toughness limits cantly, in a goup ofpolycrystalline alumina materials it

during crack extension is described as the T curve. [The was found that the strengths at large flaw sizes were all

concepts of T curve and R curve are equivalent.' In the greater than those of single-crystal sapphire, whereas

former the equilibrium condition is obtained by equat- the reverse tended to be true at small flaw sizes.' Taken

ing the net stress intensity factor K, characterizing the with the observation that the fracture in these aluminas

net applied load on the crack, to the toughness T (alter- is intergranular, these results suggest that the grain

natively designated K1c in some of the earlier boundaries are paths of weakness but that there is some

literature) characterizing critical crack resistance mechanism operating that more than compensates for

forces. In the latter, the mechanical energy release rate this intrinsic weakness as the flaw size increases. More-

G, derived from the work done by the applied loading over, the strength-load responses of the polycrystalline

during crack extension, is equated to the energy neces- materials themselves, even those with similar grain

sary to create the fracture surfaces R. sizes, tended to cross each other.' It would appear that
the nature of the grain boundary, as well as the grain
size, influences the fracture behavior.

" On leave frot i he Department ofMechanical Engineering, Univer- Two other sets of experiments provide vital cities as
%ity ofS)dney. New South Wales 2006. Au.:ralia. to the mechanism of crack/microstr:cture interaction
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underlying the T-curve behavior. In the first set, Kne- A. Equilibrium crack propagation
hans and Stinbrech" propagated large cracks in alu- A fracture system is in equilibrium when the forces
mina using the single-edge-notched beam geometry. driving the crack extension are equal to the forces resist-
They observed strongly rising T-curves as cracks propa- ing this extension. Equilibria may be stable or unstable,
gated from the tip of the notch. However, when interfa- depending on the crack-length dependence of these
cial material was removed from behind the crack tip by forces.' , Here we shall characterize the driving forces by
cAreful sawing, the toughness did not continue up the T stress intensity factors K(c) and the fracture resistance
curve but reverted to its original level, implying that the by toughness T(c), where c is the crack size. We may
critical mechanism must be operating in the "wake" of consider separately the stress intensity factor arising
the crack tip. In the second set of experiments, Swanson from the applied loading K,, which is directly moni-
c tal. observed crack propagation in alumina using both tored, from that associated with any internal forces in-
indented.disk and tapered-cantilever beam specimens. trinsic to the microstructure K, such as the ligamentary
Acive grain-localized "bridges" were observed at the bridging forces we seek to include here. We may then
primary crack interface, over a "zone length" of milli- conveniently regard the fracture resistance of the mate-
meter scale. The implication here is that interfacial rial as the sum ofan intrinsic interfacial toughness ofthe
bridging ligaments behind the tip are providing a re- material T and the internal K, terms.9 Hence our con-
straining influence on crack extension. The reversion 1o dition for equilibrium may be written
the base of the T curve in the experiments of Knehans
andSteinbrech may be interpreted in termsoftheremo. K. (c) = T(c) = To-XK,(c), (I)
val of these restraining ligaments.

Mai and Lawn"' developed a fracture mechanics where we have summed'over all internal contributions.
model for the propagation of ligamentary bridged We emphasize that To is strictly independent of crack
cracks, incorporating parameters characterizing the in- length. The quantity T(c) is the effective toughness
terbridge spacing, the intrinsic intergranular toughness, function, or T curve, for the material. To obtain a rising
and the force-extension "law" for the bridges. They ap- T curve, i.e., an increase in toughness with crack length,
plied the model to the propagation of full-scale cracks the sum over the K, (c) terms must be either positive
propagating under double cantilever loading and there- decreasing or negative increasing. In terms of Eq. ( I )
by demonstrated consistency with the measured T- the condiiion for stability is that dK./dc <dT/dc and
curve response in a polycrystallinc alumina, for instability dK./dc> dT/dc.' We see then that a ris-

Here we shall apply the Mai-Lawn bridging model ing T curve, where dT/dc>O, will lead to increased sta-
to the mechanics of the indentation-strength test. It is bilization of the crack system.
appropriate to do this for two reasons. First, indentation
cracks are strongly representative of the small "natural"
flaws that control the strengths of ceramic materials in B. Microstructure-associated stress Intensity
service.' Second, and most important, the indentation factor
methodology will be seen to be ideally suited to quanti- We seek now to incorporate the effect of restraining
tative analysis of the T-curve function. For this purpose, ligaments behind the growing crack tip into a micro-
recourse will be made to several earlier sources of inden- structure-associated stress intensity factor, K,, = Y, K,.
tation-strength data, covering a broad spectrum of cc- In the context ofindentation flaws we shall develop the
ramic materials. '-" The consequent manner in which analysis for cracks of halfpenny geometry.
the indentation-strength test highlights one of the most A schematic model of the proposed system is shown
important manifestations of T-curve behavior, namely in Fig. I. The interfacial bridging ligaments are repro-flaw tolerance, will emerge as a uniquely appealing fea- sented as an array of force centers, F(r), projected onto
ture of the approach. The potential for using the atten- the crack plane. Here c is the radius of the crack front
dant parametric evaluations in the T-curve analysis as a and d is the characteristic separation of the centers. At
tool for investigating the role of chemical composition very small cracks sizes, c <d, the front encounters no
and processing variables as determinants of toughness impedance. As the front expands, bridges are activated
properties is indicated. in the region d',rgc. These bridges remain active until,

at some critical crack size c ( >d), ligamentary rupture
occurs at those sites most distant behind the front.II. INTERFACIAL CRACK RESTRAINT MODEL Thereafter a steady-state annular zone of width c* - d

An earlier fracture mechanics model"' for straight- simply expands outward with the growing crack.
fronted cracks restrained by interfacial bridging liga- The qualitative features of the crack response ob-
ments is reproduced here in modified form, appropriate served by Swanson et al.K would appear to be well de-
to penny-like indentation cracks. scribed by the above configuration. Enhanced crack sta-
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FIG. t.Schtmatiediasramol'shlt-penny. surfaccrack propaigating n-
through a material with bridging ligamcnts impeding the crack mo- W
tion. 11cre dis the mean ligamntc spacing, cis thecrack radius. and r is
the radial coordinate from the penn)' origin:. denotes the ace€ li:.
ment SilS and 0 denotes poCential lilmcnt sites.

CRAC-...Pt.ANE OOFRDN1ATE. r
bility arises from the increasing interfacial restraint as

more and more bridging sites are activated by the ex- FIG. 2. Stress distribution applied by the restraining liamcnis ocr
panding crack front (the number of active bridges will th crack plane s a runciton of radial distance from the center of tle
increase approximately quadratically with the crack ra- crack. Note that the stress is zero forr < d and reaches a steady.statcditiribution for c>€c.
dius). The discontinuous nature of the crack growth

follows from the discreteness in the spatial distribution
ofthe closure forces in the crack plane. Thus we imagine va t
the crack to become trapped at first encounter with the lue in ther rgto e < cup to the crack size at which
barriers. If these barriers were to be sufficiently large the ligamentary rupture occurs (d-:cwc ) and thereafter in
crack front could be "trapped" such that, at an in- theregion d+ c-c<r c, wherc a streadystateon-
creased level of applied stress, the next increment of ad- figuration is obtained (cal c). This approximation is
vance would occur unstably to the second set of trap- tantamount to ignoring all but the first of the discontin-
ping sites. Further increases in applied stress would lead uous idmps in the observed crack evolution. Wc might
to repetitions of this trapping process over successive consider such a sacrifice ofpart of the physical reality to
barriers, the jump frequency increasing as the expand- bejustfiable in those cases where the critical crack con-
ing crack front encompasses more sites. There must ac- figuration encompasses many bridging sites, as perhaps
cordingly be a smoothing out of the discreteness in the in a typical strength mest.
distribution of interfacial restraints as the crack grows The problea ow b e iesby writin
until, at very large crack sizes, the distribution may be dn aeriotre asia t res intnsiy for
taken as continuous. With regard to the steady-state in terms of the familiar Green's function solution for
zone width (c - d) referred to abbve, our own obser- penny-like cracks":
vations and thoseof Swanson etal.1l2 indicate that, for a Kt, 0 (c <d), (2a)
given material, there is a characteristic distance behind r _r (d.cd°  d
the crack tip that contains apparently intact bridges. fi-(r) r W2 r, , (d<c<c*),

In principle, we should be able to write down an - (2b)
appropriate stress intensity factor for any given distribu-
tion of discrete restraining forces ofthe kind depicted in K, .. or)r dr
Fig. 1. However, an exact summation becomes intracta-,, ,. -,- (c.1_r=),) C>*),
ble as the number of active restraining elements be- (2c)
comes large. To overcome this difficulty we approxi- where bis numerical crack geometry term. At this point
mate the summation over the discrete force elements another major difficulty becomes apparent. We have no
F(r) by an integration over continuously distributed basis, eithertheoreticalorcxperimental, forspecifyinga
stresses o'(r) -F(r)/d 2. We plot these stresses for three priori what form the closure stress function o(r) must
crack configurations in Fig. 2. These stresses have zero take. On the other hand, we do have some feeling from
value in the region r<d, reflecting the necessary ab- the observations of Swanson et al., albeit limited, as to
sence of restraint prior to the intersection of the crack the functional form (ut), where u is the crack opening
front with the first bridging sites. They have nonzero displacement. Further, it is U(1 1, rather than o(r) that
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is the more fundamental bridging quantity and that is what form this function should take. Gcnerally. u(u)
more amenable to independent specitication. Thus. giv. must rise from zero at u = 0 to some maximum and then
en a knowledge of the crack profile, we should be able to decrease to zero again at some characteristic rupture
replace r by It as the integration variable in Eq. (2) and separation u. The observations ofcrack propagation in
thereby proceed one step closer to a solution. alumina by Swanson et al. suggest that it is the dccreas

However, even this step involves some uncertainty, ing part of this stress-separation response that is the
as the crack profile itself is bound to be strongly in. most dominant in the polycrystalline ceramics of inter-
fluenced by the distribution of surface tractions, i.e., cst here.' The stable crack propagation observed by
u(r) strictly depends on o(r) (as well as on the applied those authors has much in common with the interfice
loading configuration), which we have just acknowl- separation processes in concrete materials that are often
edged as an unknown. A rigorous treatment of this described by tail-dominated stress-separation functions.
problem involves the solution of two coupled nonlinear The stress-separation function chosen islu
integral equations, for which no analytical solutions are
available'. We thus introduce a simplification by neg- (u) =oN(1 -u/u) "  ,.<u<u), (5)
lecting any effect the tractions might have on the shape where a and u are limiting values of the stress and
of the crack profile, while taking account of these trac-
tions through their influence on the net driving force separation, respectively, and m is an exponent. We con-
K = K, + K from Eq. (1), in determining the magni- sider three values of m: m = 0 is the simplest case of a
tude of the crack opening displacements. Accordingly, uniformly distributed stress acting over the annular ac-
we choose Sneddon's solution"5 for the near-field dis- tivity zone; m I I corresponds to simple, constant-fric-
placements of an equilibrium crack, i.e., K -tion pullout of the interlocking ligamentary grains;

m = 2 is the value adopted by the concrete community
u(r,c) = (#OTdEc"-) (c- -r) 1:, (3) (equivalent to a decreasing frictional resistance with in.

where Eis the Young's modulus.Substitution of Eq. (3) creasing pullout). As we shall see, the choice ofm will
into Eq. (2) then gives not be too critical in our ability to describe observed

K, ---0 (c<d), (4a) strength data. Note that the representation of the stress-
separation function by Eq. (5) is an infinite modulus

E E o(u)du (d'cict), (4b) approximation in that it totally neglects the rising partK, = m Jo a(4 of the a'(u) response.
( E (% ' Equation (5) may now be substituted into Eq. (4)

K, = - ) () to yield, after integration,

We note that u* = u(d~ce) is independent or cso K,, K,, 0 (c<d), (6a)
cuts offat c>cs.  K1 = - (T. - Ta)(l - (I - It-(c' - d

Let us note here that our choice of the Sneddon A (T*1-dT)11 - (I - (c~c' - b)
profile, Eq. (3) leads us to an especially simple solution c(c . 

-d2)) I * I (d¢cc*), (6b)
forK,, inEq. (4). In particular, we note that this term is K. - - (7. - To) (c>co), (6c)
conveniently expressible as an integral of the surface where we have eliminated the stress-separation param-
closure stress as a function of the crack opening dis. eters a* and ul in favor of those characterizing steady-
placement, i.e., a work of separation term. This simple state crack propagation, cs and T, :
solution obtains only with the Sneddon profile. It might
be argued that a Dugdale-type profile1 6 is more appro-. )
priate, but it can be shown that the fracture mechanics (7)
are not too sensitive to the actual profile chosen." Our and
main objective here is to emphasize the physical vai- " = To+Euu/(m + l)To. (8)
ables involved. Thus by sacrificing self-consistency in

These latter parameters are more easily incorporatedour solutions, w e have obtained sim ple w orking equa- n ot es r n t n l sst ol w
tions for evaluating the microstructure-associated stress i tsengt analyis to follow.
intensity factor. We have only to specify the stress-sepa- an A useful quantity is the work necessary to ruptureration function o'(u),.a individual ligament. This work is a composite mea-

sure of the maximum sustainable stress and maximum
C. Stress-separation function for interfacial range of the stress-extension function of Eq. (5) and is
bridges given by the area under the stress-separation curveu(u). We may express this area as

The function ou(u) is determined completely by the a) . ara*

micromechanicsorthe ligamentary rupture process. We r, =r (9)d = a9U
have indicated that we have limited information on.Jo (m + I)
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It is uscful to compare this quantity with the intrinsic teraction. The procedure to a solution is entirely the
interfacial encrgy' same as in the previous case, except that now T. re.

Fi - T1/2E. (9b) places To in Eq. (12). Thus

The r terms in Eq. (9) are related, through Eq. (8), by a, - 3T /4"'(XP)". (13)
the ratio This solution applies in region III in Fig. 3.

F,/F o = 2(T,, - 7")/To, (10) It is for intermediate cracks, region II in Fig. 3, that
analytical solutions are difficult to obtain. Here numer.

which may convenienly be regarded as toughening cal procedures will be required, but the route is never.
index, theless the same as before; determine a, (c) from Eq.

( II ) in conjuction with Eq. (6b) and apply the instabil-
D. Strength-indentation load relations ity condition, taking account of the increased stabiliza-

tion arising from the K, term. To proceed this way weWe are now in the position to consider the mechan- must first determine the values of the parameters in Eqs.

ics of a test specimen containing an indentation crack (6) and (deri). We addres ths th problem in the next s-

produced at load P and subsequently subjected to an d.

applied stress o. To obtain the "inert strength" a,.,, we

need to determine the, equilibrium instability configura- Ill. DERIVATION OF T CURVE FROM
tion at which the crack grows without limit. INDENTATION STRENGTH DATA

In indentation crack systems the stress intensity
factor associated with the residual contact stresses K, A. Crack geometry and elastlc/plastlc contact
augments the stress intensity factor associated with the parameters
applied loading K, effectively giving rise to a net applied Our first step towards a complete parametric eva-
stress intensity factor K;,tO.= Equation (1) becomes luation of the a,, (P) data is to seek a priori specifica.

K = K, + K, = T(c) tions of the dimensionless quantities , and X, in Eq.
(LI). The parameter t is taken to be material indepen-

= th rc +.P/csIa = To - K, (c). (II) dent, since it is strictly a crack geometry term. The pa-
where r measures the intensity of the residual field. We rameterx does depend on material properties, however,
note that K, is inverse in crack size and hence will relating as it does competing elastic and plastic pro-

further stabilize the fracture evolution."V The indenta- cesses in the indentation contact." We note that these
tion load determines the initial crack size at ao, = 0, but parameters do not appear in the microstructural term

because of the stabilization in the growth we should not K,, in Eq. (6), so ideally we can "calibrate" them froin

necessarily expect this initial size to be an important
factor in the fracture mechanics. Our problem then is to
combine Eqs. (6) and (II) and invoke the instability I 1
condition dK; /dc>dT/dc to determine the strength as
a function orindentation load.

Unfortunately, it is not possible to obtain closed
form solutions to this problem. Limiting solutions can
be obtained analytically, however, and we consider
these first.

(i) Small cracks (low P). In the region c.4d we T=To  T=T*

revert to the ideal case of zero microstructural intcrac-
tion, such that Eq. (6a) applies. In this region it can be
readily shown that the equilibrium function a', (c) ob-
tained by rearranging Eq. (11) passes through a maxi-
mum, up to which point the crack undergoes stable
growth." This maximum therefor: defines the instabil-
ity point du,/dc=O (equivalent to the condition
dK;Idc = dTldc = 0 here): *JOENTATION LOAD. P

ou = 3T41/4 4 ld,(.rP) 1 .  (12) -10.3. Schematic strength versus indentaion load plot incorporaling

The region of validity of this solution is indicated as lhe influence or bridging ligaments into the crack propagation re.

region I in Fig. 3. sponse (logrithmic coordinates). The solid line represents the gen.
eral solution I Eqs. (6) and (11) 1. The dashed lines represent asymp.

(ii) Large crr ks (high P). In the region c -c*, Eq. totic solutions obtained anal) tcally ror small cracks Iregion I. Eq
(6c) applies P have maximum microstructural in- ( 12)l and large cracks [region Ill, Eq, t 13)l
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tests on materials that do w exhibit T-curve behavior. ment do,.,/dc = 0 (with the proviso that if more than
The details o(such calibrations arc given in the Appen. one maximum in the 0, (c) function exists, it is the
dix.The values weuse are~w l .24 ndX - .04(6/ &rester that determines the strrngth-see Sec. IV).
H)' where H is the hardness. (3) The predicted strengths are compared with the

corresponding measured strengths and the mean vari.
9. Sounding paremeters for the try.,SI~l ance thereby calculated for a given set of T-curvc pa.
procedure rametens

Wehaveindicated thatsolutions forregionl11oftht (4) The T-curve parameters are incremntied and
strength-load response of Fig. 3 must be obtained nu- the calculation of the variance repeated, using a matrix
menically. Here we shal outline the regression prce search routine. The increments in the search variables
dune used to deconvolute the T curve for a given se o were 0.05 MPs m" ' for the toughness parameters To
0", (P) data. and T. and 5 jum for the dimension parameters

To establish reasonable Ant approximations for a d and c*.
search/regression procedure, we noe two experimental (5) The we o4T-curve parameters yielding the min.
observations. The fit is from the indentation/strength imum residual variance is selected.
data ofCook et al.' In a number ofmaterials; the or. (P) IV. RESULTS
data tended strongly to it asymptotic: limit of region
III at large indentation loads (Fig. 3), reflecting the The materials analyzed in this study are listed in
upper, steady-state toughness T. Isee Eq. (13)). No *1able 1, along with their Young's modulus, hardness,
anaogous transition coffesponding to To -controlled grain size, and minor phase percentage. Previously pub-
strengths in region I was observed: at low indentation lished'3A" indentation-strength data for these materi-
loads the strength data were truncated by faures from als was used for the T-curve deconvolutions. (Some
natural flaws. Notuithstanding this latter restriction, data were removed from the original q,, (P) data sets at
we may uise Eqs. (12) and (13) (with calibrated values large indentation loads, where the influence of second-
of 0 and x from Sec. I II A) to set upper bounds to T. any lateral cracking was suspected to have significantly
and lower bounds to T. from strength data at the tx- decreased the magnitude of the residual stress intensity
tremets of the indentation load range. We expect from factor.') The resultant parameter evaluations are given
the observations of Cook et *, that the lower bound in Table 11.
estimate of r. probably lies closer to the true value Our first exercise was to select a fixed value of the
than the upper bound estimate to Ti.exponent mn for the T-curve evaluati, ns. Accordingly a

The second experimental observation is from the' preliminary analysis of the a. (P) data for two materi-
crack propagation work ofSwanson eta.,' who estimat- als displaying particularly strong T-curve influences in
ed the average distanci. between bridging sites at 2-5 thew strength responses, namely the VI 1 and V12 alumi-
grain diameters. We accordingly take the lower bound nits, was carried out. Figure 4shovs the minimum resid-
estimate for the interligament spacing d at I grain diam-
eter. Similar bounding estimates for cO are more diffi- 1
cult, although the condition c*> d must be satisfied.

There is one further parameter we have to specify,
and that is the exponent of the ligament stress-exension % n i
function m. We have alldto t-facttat the osr-aV
vations of Swanson et aL indicate that a stabilizing, tail -

dominated stress-separation function should be appro- 6
priate, with mn> I in Eq. (5).

C. Regresion procedure
With the first approximations thus determined we 2

search for the set of parameters for each set of a,,, (P) if
data. The scheme adopted to do this is as follows.

(1) The Tcurve is set from Eqs. (1) and (6) and 00 2 3 4 5
the equilibrium a, MC response is calculated from Eq.02 3 4
0II0 at each indentation load for which there are mea- BRCGlNG FUN'CTMO EXPOWJNT. m

sured strength data. FIG. 4. The residual inca*n deviation between fitted and measured
(2) The predicted st rengt h at each indentation load indentation-strellgth runctioiii %ersus bridging runction cpvetill

is determine-d numerically from the instability require- for the VI alumninas. Note ihe relame inwcnsiivity ror r.t
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ul mean deviation as a function of n for these matcri- o . .
ls. The deviation {.r both materials is grcatest atm = 0

but thereafter at ,nz I is insensitive to the choice of cx-
poncnt. The value somewhat arbitrarily chosen for this .00
study was i = 2 in accord with that adopted in thecon-
crete literature. 10

To illustrate the procedure and at the same time to
gain valuable insight into the crack evolution to failure 200

let us focus now on just twoof the listed alumina materi-
als in Table I, V12 and AD96. Figure 5 shows the ,-
strength versus indentation load data for these matcri- t 1 oo" ()A1 I " .72"
als.1 The data points in this figure represent means and .

standard deviations of.approximatcly ten strength tests 800
at each indentation load. The solid lines are the best fits
(Eqs. (I), (6), and (II)) to thedata. The dashed lines
represent T- and T. -controlled limits IEqs. (12) and
(13)). As can be seen, the fitted curves smoothly inter- 400

sect the T,, -controlled limit at large indentation loads,
this tendency being greater for the AD96 material. This
smooth connection is a reflection of our choice of m 200
above: form < 2 the a',., (P) curve intersects the T. lim-
it with a discontinuity in slope. At intermediate indcnta-
tion loads the strengths tend to a plateau level, more
strongly for the V12 material. In line with our contcn- 10A \

tion that this plateau is associated with a strong micros- 10"2 to"  1 10 lo" 1 0 oc
tructural influence we might thus expect the V12 mate-
rial to exhibit a more pronounced T curve. The larger IMNTATION LOAD. P MN4

separation of the 7o-and T, -controlled limits for the FIG S. Iidcritiion-urengih data At% for the Mad A096 alums-
V12 material in Fig. 6 supports this contention. Finally, n.,s.Notcthcrcl at lypronounccd plateau for theVI2 material. mdi-

at small indentation loads the strengths cut ofrabruptly cae ofa strong T-curie inlucnce. Oblique dashed lines are 7',. and

at the To-controlled limit, corresponding to the case T,.-conirollcd limiting solutions.

TABLE L Matcrials analyzed in ihis study,

Young's modulus Hardness Grain size Minor phase

Matcnral EIGP- Ili'a Jm % Rct

Alumina VII 393 19.1 20 0.1 1
V12 393 19,0 41 0.1 1
AD999 386 20.1 3 0.1 1

/,D96 303 14.1 II 4

1L09o 276 13.0 4 10 1

I99 400 16.1 I I 1
11W 206 IL"7 28 0.3 1

Sapphirc 425 21.8 ...... I

Glass- SLI 87.9 4.4 1.2 33 1,3
ceramcs SI.2 879 4.3 I 9 22 1.3

St3 879 4.8 2.3 20 1.3

Macor 64.1 2.0 17 $0 4

P)yroceram 108 84 I 4

Il~rium CIl(cubj 123 59 7 I II

itatilu e CIItlel 1 123 59 7 I II
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where the crack intersects no bridges prior to unlimitd Soo
instability. P0AO~ N%

Figures 6 and 7 show the corresponding equilibri- 111
urn a., (c) and T(c) functions that underlie the curve 400
fits in Fig. 5. The a,, (c) responses are plotted for several 'I N
indentation loeds. embracing the data range covered in ,

the indentatiositenth experiments (e.g., Fig. 5). The If 20
most distinctive feature of these curves is that at low ION
indentation loads, where the initial crack size is some-
what smallkr than the Airm barrier distance d, there are I OON ~
two maxima. most notably in the V12 material. The firs(
maximum, at c < d, is a pure manifestation of the crack100N
stabilization due to the residual contact stress term (Eq.
( 11) 1.1 The second maximum at c > d, results from A~ .011
the additional, abrupt stabilization associated with the ,.LO

microstructural closure forcm. Of the two maxima, it is 'E dc
the greater that determines the strength. Thus at ver A
low P(correspong to regionlIin Fig. 3) the first
maximum wins, and the instability takes the crack sys-
tern to failure without: limit (e.g., the P w 0. 1 N curves 2T

for both the V12 material in Fig. 6and the AD%6 matedi
A in Fig. 7). At internediteP (region 11in Fig. 3) theI
second maximum becomes; dominant, in which cane the '

aoo 14 CRACK LENGTH. c tioN

FIG. 7. (a) Appiemd sim' %rs .qtWibrim crack kogth and (b)
400, PaO.1N ~\cornspodiat Teucw. fr AD%4 aluslia.

200 ~N 10Ncrack arrests before failure can ensue (e.g., the P w I N
s curves in Figs. 6 and 7). Note that the second maximum

100 .for the V12 alumina occurs at =100#m, consistent with
abrupt initial jumps of 2-S grain diameters reported by

ON10 N N00 N Swanson or al. At large P (region III in Fig. 3) the
curves tend more and more to a single pronounced max-

a imum, as we once more enter a region of invariant
d cehwvrN.Ci IV121 dtoughness. In all cases, hoee.we note that the stabi-

lizing influences or the residual and microstructural

A . stress intensity factors render the strength insensitive to.1 the intial crack length.
It is in the transition region, region 11, where the

form of the T curve most strongly influences the crack
2 stability and strength properties. The T curve for the

TO V12 alumina rises more steeply than that for the AD96
T0  alumina. The difference in responses for the two materd-

als may be seen most clearly in the o, (c) curves for
1~ = P 0 IN, Figs. 6 and 7. In V12 alumina the restraint

1 10 10 10 10" exerted on the crack by the interfacial bridges is appar-
CRACKLENGH. c(pm)ently much stronger than in AD96. We note that the
CRAC LEGTH.c ~indentation-strength curves in Fig. 5 may be seen as "ro-

FIG. 6. (a) Applied lirest versus equilibrium crack length at different tated" versions of the T curves in Figs. 6 and 7.
indentation loads and (b) corresponding Tcurve. for V12 alumina. as A word is in order here concerning the "sensitivity"
der ived fromn he indtntation-strenigth data in Fig. 5. of the parameter evaluation to the range of data. Figure
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8 shows the dcco~nvolued T curves for the V12 material
with individual data points at either end or the indenta-
tion load range deliberately omitted fram the base data
in Fis. 5(a). WVhen data are "lost" from the large Pend, .
the high T(e) part of the curve is most affected; similar-
ly. for data omissions at the small P cnd, the low T(c)___

*part or the curve is most afrected. We may regard the 3 1

curve shifts in Fig. S as characterizing the s)ysteintatc II
uncertainty in our parameter evaluations, just as the

* mean residual deviation in the regression procedure A026

characterizes the rindoin unccrtainty. We note that it is 2
those parameters that control the upper and lower I'
bounds or the T curve that arc subject to the greatest
uncertainty, since it is in these extreme regions (espe-
cially in the T0.controlled region) where indentation-
strength data are most lacking. The central portions or
the TcurveG in Fig. 8 are not altered substantially by the
deletion of strength data. 10 1 10 W t to' 6

Subject to the above considerations, we may nowCRK NG ct-

usefully summarize the relative T-curve behavior for the FIG, 9. Composite plot of the deconvolutej T cune cs or the 3lumini

remainder of the materials listed in Table 11. The T 2tflL

curves are shown in Figs. 9-1l for each of the material
types, aluminas, glass-ceramics, and barium titanates.
Special attention may be drawn to the fact that the V. DISCUSSION
curves for the microstructurally variant materials in We have considered a fracture toughness model
each of these composite plots tend to cross each other. based on an independently verified interface restraint
We note in particular that the curves for the polycrystal- mechanism"~ for explaining the microstructural effects
line aluminas in Fig. 9 cross below that for sapphire at previously reported in indentation/strength data."' A
small crack sizes, consistent with earlier conclusions key feature of our modeling is the strong stabilizing cf-
that the intrinsic polycrystal toughness (r.) is gov- fect or grain-scale ligamentary bridges on the stability
erned by grain boundary properties.' conditions for failure. (In this sense our explanation

differs somewhat from that originally offered by us in

6A

A I " 1 1 2 W 2 ~ q k~

E2

LSO

..... ~ S

0.9'

* 08

1 o to' 102 lo' 0

CRACK LENGTIR t WW.' 0 6't 1 10 lo to'
FIG. 8. Deconvoluted T-curve plots for the V12 alumina using full CRACK LENGTH. ctaf'
indentation-strength data Set from Fig. 5ta) (solid line) and same
data truncated (dashed lin~si by removal of extreme data points at FIG. 10. Composite plot of the deconvoluted Tcurves (or the glass-
(a) low P and (b) high A. ceramic materials.
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characteristic of the bridging process have since been
,TOo*€ observed in other aluminas,':' glassceramics,' : '":

SiC ceramics," and polymer cements. The Fact that
the resultant strength equations fron the model can be
fitted equally well to all the materials examined in the
prescnt study serves to enhance this conviction.

"i A characteristic feature of the failure properties or
the materils with pronounced T curves (e.g.. V12 alu-

S.

mina) is the relative insensitivity otthe strength to ini-
tial flaw size. This is a vital point in relation to structural

ca,,: design. Materials with strong T-curve responses have
the quality or flaw tolerance. Ideally, it would seen that

0.4 'T,,,, , one should seek to optimize this quality. Associated

oJ -with this tolerance is an enhanced crack stability. This
offiers the potential detection of failures. On the other
hand, there is the indicatioi that such benefits may only

°So1 obe wrought by sacrificing high strengths at small flaw
10 104 to e sizes. This tendency is clearly observed in the way the

CRAACKNGT c .," strength curves cross each other in Figs. 7-9 in Ref. I
FIG. I I -Compodlc plot he deomolutcd Tcun cs t- the banum (corresponding to crossovers seen here in the T curves,PuSeI mtcrial. Figs. 9-11). In other words, the designer may have to

practice the gentle art of compromise.
We reemphasize that the T-curve parameters de-

Ref. 1, where it was tacitly suggested that the micro- rived from the strength data (Table II) are element; of
structural influence might be represented as a posiritv curve fitting and are subject to systematic as well as to
decreasing function of crack size. The distinction the usual random urcetnaintis. Since any four of these
between negative increasing and positive decreasing K, parameters are independent, our numerical procedure.
functions is not easily made from strength data alone.) regardless of "goodness of fit," cannot be construed as
Although the earlier experimental observations used to "prool" of our model. Nevertheless, we may attach
establish the model" were based almost exclusively on strong physical significance to these parameters. Forex-
one particular alumina ceramic, I our own detailed crack ample, the relatively large values of r, and c* for the VI
observations, and those of others, strongly suggest that materials relative to the corresponding parameters for
the model is generally applicable to other nontransform- the F99 alumina is a clear measure of a greater T-curve
ing ceramics; the discontinuous primary crack traces effect in the former. More generally, the aluminas with

TABLE It. T-cun' parameters drived from strcngth data for m , 2 (from RoMs. 13. II).

7. ru r, d Co of U0
Mat:ril (Mpg 112) (MPa m 12) (J m" ) (i m" ) (jm) (pm) 0,1PA) (pm)

VII 1.73 4.08 3.8 10.4 40 420 280 0.11
V12 1.49 4.63 2.8 II.8 60 540 328 0.11
AD999 2.22 4.30 6.4 12.0 Is 715 18i 0.19
AD96 2.16 2.87 8.5 5.6 I 460 s0 0.19
AD90 2.76 3.21 13.8 4.6 I 210 75 0.18

99 2.70 3.50 9.1 5.4 IS 30 405 0.04
11W 2.64 4.31 16.9 21.4 95 710 153 0.42
Sapphire 3. 0 3.10 11.3 0 ..... ......

SLI 1.06 1.98 6.4 11.2 10 335 122 0.27
SL2 1.12 2.29 7.1 15.0 10 485 129 035
SL3 1.35 2.58 10.4 19.0 25 505 133 043
Macor 1.04 2.30 S.4 20.4 40 535 132 046
Pyroceram 2.04 2.33 19.3 5.4 20 415 35 0.48

CII(cub.) 0.95 0.95 3.7 0 ... ... ...
CIltict.) 0.79 1.35 2.5 3.6 40 330 70 0.14
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glassy phases at their grain boundaries.-4 or with instance, that "superior" parameter evaluations could
smaller grain size (Tables I and I1) have relatively low be obtained from larger crack geometries, particularly
toughness indices, 1i71", indicating that there is sonic the c° , T parameters. However, the indentation mcth-
kind of trade-o1Tbetwecn macroscopic and microsnpic odology takes us closer to the strengths of specimens
toughness levels, and that this trade-off is cont'olled by with natural flaws, in particular to the T,-controlled re-
the microstructure. We note also that the maximum gions (notwithstanding our qualifying statemcnts car-
stress-separation range parameters ue for the materials lierconcerning this parameter), so tha the prcsen: oval.
arc in the range 0. l-0.411m, consistent with crack open- uations may be more appropriate for designers.
ing displacement observations at the bridging
sitess' -1 "  We thus suggest that such parameters VI. CONCLUSIONS
could serve as useful guides to materials processors, for (I) An independently confirmed ligament bridging
tailoring materials with desirable, predetermined prop- model is used as the basis for analyzing observed inden-erties, especially with regard to grain boundary struc- tation-strength data for a wide range of , .b.eredallin

ture, ceramic materials.
Mention was mode in Sec. IV of the sensiti\ity of (2) Those materials with pronounced T curves

the parameter evaltiations to tho. available data range. show the qualities of "flaw tolerance" and enhanced
This has implications concerning conventional, large- crack stability.
crack toughness measurements. To investigate this (3) A fracture mechanics treatment ofthe indenta-
point further we plot in Fig. 12 the T, values deter- tion fracture system with microstructure-associated fac-
mined here against those measured independently by tors incorporated alloxvs for the (numerical) dconvo-
macroscopic techniques. The degree of correlation in lution of toughness/crack-length (T-curve) functions
this plot would appear to lend some confidence to our from these data.
fitting procedure (and to our a priori choices for the (4) Comparisons within a range of aluminas sug.
parameters 0, and X). Since most of our strength data gest that those materials with "glassy" grain boundaries
tend to come from regions toward the top of the T curve and smaller grain size have less pronounced T curves
we should perhaps not be too surprised at this correla- than those with "clean" boundaries.
tion. (5) The indentation-strength technique and the

Finally, we may briefly address the issue of test toughness parameters deriving from it should serve as
specimen geometry in connection with the accuracy of useful tools for the development of ceramic materials
the parameter evaluations. It has been argued else- with predetermined properties, especially with respect
where9 that test specimen geometry can be a crucial fac-
tor in the T-curve deternination. It might be argued, for
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6 . ,Mw APPENDIX: EVALUATION OF b AND X

A. a CHi, Here we derive numerical values for the dimension-
0 atCTego less parameters band X characterizing the crack geome-

4 - Pya Noct try and the intensity of the residual contact stress, re-
9 x M*Cm spectively. The choices for these should yield agreement

a- Z uSod.kw ls~~ between measured strength and toughness properties of
2 1 homogeneous materials with no measurable T-curve be-
2

havior (i.e., K, =0, T= T = T).
We begin with the geometrical e, term, which is as-

sumed to be material independent. From the applied
0 2 4 6 a to stress (strength) or,,, and crack length c,, at the instabil-CONVENTONAL TOUCG14SSt *t m"1i ity point of an indentation, we can show that2'

V, = 3r/4 (a,,c". (A I}
FIG. 12. Plot ofT. (Table II) as a function otandependenily inca- M
sured toughness using convenional macroscopic specimens. Measurements ofa,, c, for several homogeneous niate-
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rials confirm that Eq. (A U describes the toughness/ 'C J 'shnsIKL~. F Coo. ~andV Y w Mai. its 1wctiir
instability properties"' for 0~ = 1.24. We note that this tfcchic~(~nisortt. cdtcd byWK C liradI. A. . E'a'. U. P It
is very close to the value of' 1.27 calculated by finite II aumnadF.,LnttPeum,4wvc 16.Vospi

elemet analyses of semicircular cracks in surfaces of '11, llubricr and W Jillkk. 5,%MAtr Sci. 1211 Il C1977),
bend specimens.' "It. Knechans and R.Sicinbrech..-Matcr Sci. Lett 1,3170(9$21

For thc r' ternm we turn to Ref. 13. where it is shown *K. Stcinbrech. K. Knechans, and W. Sch"-Abchtcr.J. Mstcr Scs, 14.
t~lat .65 (1913).

*P. L S-ttss. C J. raiibar3s. 11, R. Lawn. Y W Me and 1), K
S ( E /11) (A2) Hlockey,J. Am. Ceram. Soc 70.,279 (1917),

where ~'is a material-independent constant. With this 'Y.-W NIA and 11. R Lawn Annu. Ke".Mlacer. Se, 16,4 1 Stt01461
'"Y..W. Ma:i and 18. R. La%%. J. Am. ~Cram. Soc 70.3 (19'7 1Q)

result Eq. ( 12) miay be resvrittena.s:' "R. F.CokS. W. Freiman, 11, R. Lawn. and R. C. Palsanka, Ferr.

TO T(E11)I (O*, I"(A3 ) 11 cetcrics 50, 267 (1913).
.P. L SWansOn. in A4deances in Ceris:cs (in rss).

where 116. R. Lawn. A. 0. Evans. and D. U13 ashal. J. Am, CcrAm Soc
S2561 "1'/27)1 (M4) 1,6.7 (1980).

b D. R.Cike, B. R. Lawn, and D. 11, Roach, in ktt. 4. pp. 34 l-3!0.
is another material-independent constant. From inca- "I. N. Sneddon. Proe. R. Soc. London Ser. A 1117. 229 (1946).
surements of a,,P " for a similar range of homogen- ". R. Lawn and T. R. Wilshaw, Fracture of Brit Solidi (Canm.

eosmaterial we obtain v = 0.52." Hence einminat ing' bridoc U. P.. Cambfidle, 1975).
COUS I'D. BMarshall. B. N. Cox. and A. 0. Evans, Act& Netall. 33, 2011~

from Eqs. (A2) and (A4) yields (1915).
X = 2YI4(E11) 11/250, (A) :'. 10, Mashall and B. It. Lawn. J. Mlater, Sci. 1.1. 2001 (1979).
X ~ ~ ~ ~ ~ ~ ~ ' 274EfI''/26,(S 0 . Marshall, IL K. Liwn. and P. Chantikul. J. M:Eer. Sci. 14.

which gives X - O.0040 (E /1) ".2.215 (1979).
,'R. F. Cook and 0. H. Roach. 3. Mater. Res. 1. 559 (0956).
"'R. F. Cook (unpublished work).
"K. T. Faber and A. G. Evans. Actas Metall. 31. 577 (1953).
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K~n"W* si = fl 116 ImFig. I. Note from the reative postisoni 4
U~re~idE~. ~ i..6. ... the curves that the 3amin3 and slavs.

ceramics have becen ranked in mder of di.M icrostructural Effects on Grinding of miihn rnin eitnei Table 1.
Alumina and Glass-Ceramics thtdfit aluminas and different glass.

DowI B. MIARSHALL' tanc a vary widely in their grinding
resistance. Thus the alumina with the high.

Re~~ie~ I~e~uio., Sirac C~er Touae Oks ~ 9,oma l3 est resistance len Tabl I (i.e.. AD901 is that
BKIASR. ~with the greatest Slass content. This result
BRIA R. wm*may COme AS no surprise t0 chWs -A hof Pre.

Cowlmes Oiiasief". NatiNal 111we" of Stndard. GaiehenbWo. MaeXland MOs paut ceramic powdmr by ball milling. alu.
Ros~nF. C~o~'mina Spheres with high glass contnt arc
RONET E OOK'found to be fat mome durable than similar

LB.M~.. ThuJ Ww Raemhi Center. Yri&sn iits. New York IOM high-purity spherics." Note also from
Table I that for aluminas of compArable

Grinding forces wevre measured in aluminas and Slass-ceramics with %wrious purity those with higher grinding, resus-
mkcrostructures. The micros truts were found to erert a prt~qound influen~ce on twice have finr grain $fites, (cf. A999 Ind
the machinability. In particular, the controlling toughness tvariable is that which Vistal). Moil interesting. howevtr. Is
pertais to small cracks, not that conventionally measured in a large-sttale fracture t quantitiativitea~tIion between grind.

yiecien. lg resisatae ad toughniess parameters.
The macroscopic toughness T. (i.e.. the
toughnes Ki, we measure In conventional

JT IS wellI dOCUn.4 that the pnCi- were made On setedWCt~ cam OWc maei ls arge-scalefrtureeWS) actually shOWSan
pal material variable in raictofracture. for whichf well-chairactized T-cumv data in virse correlato with the grinding rt.

controlled properties o( brittle ceramics. are availbl. The primary matrials were sistance. 0n the other hand, the micro-
Such as erosion. wear, sad machining. is alumirlas from a ;wevious study.' wher the stc toughness To does appear to scale in
ik "ighes." This is in accord with resistance charachuistics weret detemine the right dilrectioni The Implication here, of
intuition: the greater the resistance to f(nc. from the stngt of specimen conti. coume is "ha the grinding damage Process
cure, the harder it should be to remove ins lndenaitton flaws.* In addiion two is determined at the scale Of the micro.
material in localized, cumuolative, surfae commercial glass ceamnics wer tested. A structure. The data for the two glass-
contac processes. Implicit in existing mat- subsequent quanitative analysis of thoe ceramics in Table I serve 1o reinforce the
seia removal theories is the presutmption indentation-screngk data bas provided point; on the basis of the T. values we
tha toughness is a single-valued quantity uppeir (large crack size) and lower (smiall would be unable to choose between the two
for agiven matria. Recent Studiesof( the crack size) bounrds, T. and To. to the T materials. whereas the relative values of T.,
fracture properties of a wide range of ce. curves for these materials.' Table I list% confirm Maor (Specified as a machinable
ramics call this presumption into serious these paramleters for comparison with the glass-cetamic by its manufacturer) as the
'question: toughness is generaly nor a Ma- grinding results, material of lower grinding resistance.
terial constant, but rather some icreasing The grinding forces were measured We coaclude. therefore. that the timit-
function of crack size (N curve, or T using adynamometr onthe tableofaasur- honored conception of "toughness" as a
curve).' in certain alumina. for example, face grinding machine. Runs were made at universal indicator of superior mechanical
the toughness can increase by a factor of 3 fixed depths of cut, S, 10. 15, and 2 .0 Am. properties. at least on the microscale. needs
or so, depending on the microstructure." using a 240-gril diamond wheel (width to be carefully qualified. The use of con-
The T-curv effect is seen most strongly in 10 mm). rotating at 3300 rpm with a ho- ventional fracture toughness evaluations to
aluminas with large grain sizes anld lower zontal feed race of 16 mm-s' and with predict resistance to wear, erosion, and ma-
contents of grain-boundary glassy phase. water-isoluble oil lubrication. The condi- chining many lead to imprudent chokes of
Most notably, the T curves for different tarns of our experimntsl were Such that the materials foritnacrural applications. On the
aluminias tend to cross each other.' so that scale of individual damage events was aI- positive side. a more complete under-
the toughness rankingsl at large and small ways much smaller than the: depths of cut. standing of the micromechanics that
crack: sizes appear to be reversed. Clearly, The specimens were first cut into bars determine it complte crack resistance
if we wish to retain toughness as an mndi. 5 mm wide and then mounted in a row on curve may ultimately help us optimize
cator of wear resistance. we need to qualify thet dynamometer so that force inea- inicrostructural elements (glass content.
the scale on which this parameter is deter- surements could be made on all materials in grain size. tic.) for minimum surface
mined. Indeed, such a need was fore- a single pass. The results are plotted in degradation.
shadowed in an earlier experimental study
on the erosion resistance of ceramic male-
rials by Wiederhom anld Hockey.'

Accordingly, surface grinding tests
Table 1. Comparison of Toughness and Grinding Resistance Parameters'

Addotiw Grain sitt T T,
Mueenat M'i fumi IMPAm'1 ttam1:

Coiaitiurs. Ema o-T MICHALSKE Alumina AD90' 10 4 3.2 2.8
Sapphire, 3.3 3.1

____AD% , 4 11 2.9 2.2
Rtectid Wcotber 9. IM5: teviiwd cmp fweivtdi AD999' 0.3 3 4.3 2.2
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vW Dotoren Porltua sd the U.S. Amy Vistal 11' 0.3 40 4.6 1.5
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Brian R. Lawn and Carolyn J. Fairbanks

Ceramics Division
National Bureau of Standards
Gaichersburg, MD 20899

INTRODUCTION

Recent developments in the characterization of the strength of
ceramics have made it necessary to re-examine several "tradition", long-
standing definitions and assumptions that form the modern-day fracture
rechanics basis of NM. Ceramics are very brittle materials. They are
highly susceptible to failure from small scale (1-100 ur) "flaws". These
flaws may be in the form of machining damage, grain boundary fissures,
processing defects (pores or inclusions), etc. Theoretically, flaws
have been represented as scaled-down versions of large cracks, so that
the macroscopic "laws" of fracture might be assumed to apply at the micro-
snle. This philosophy is embodied in the Griffith strength formalism,

4m - To/Ycl/ 2  (I)

where c is the flaw size, To is the toughness (KIC in metallurgical
terminology) and Y is a geometrical constant. Implicit in Eq. 1 are
two major conclusions which dictata the entire approach to NDE in
ceramics:

(i) Failure occurs spontaneously at the critical stress ( om);

(ii) Toughness (TO) is single-valued.

It is from these two conclusions that the concept of a critical flaw
size for failure derives.

In the ceramics literature, the validity of these conclusions
and of the extrapolation of large-crack data to the region of
microstructure-scale flaws has been questioned by many, but few
experimental attempts have been made to answer these questions. Here
we shall present some recent data obtained at NBS that seriously
questions the entire basis of present-day NDE philosophies for brittle
materials. In particular, we shall point out shortcomings in the
critical flaw concept due to so-called "crack resistance" (R-curve or
T-curve) behavior where toughness becomes a function of crack size (1).
Some potentially beneficial aspects of this behavior will be
emphasized.

1023



STRENGTH CHARACTERISTICS OF SPECIHENS WITH CONTROLLED FLAWS

In setting out to test the validity of Eq. I we sought an experimental
method which could be used to study systematically a wide range of flaw
sizes, from macroscopic crack dimensions down to the scale of the micro-
structure. The indentation technique (2) was chosen because of its well
documented capacity for controlling the scale of the starting flaw.
Further, the crack evolution could be directly observed during strength
testing in subsequent four-point bend or biaxial flexure (Fig. 1). A
detailed fracture mechanics analysis of this test configuration (2,31
allows for the elimination of crack size In favor of indentation load,
P, from Eq. 1, retaining the assumption of a single-valued toughness,
Tot

Hence by observing the cm(?) response, we can test the basis for macro-
scopic to microscopic extrapolations; if To is indeed a single-valued
constant, a, should plot as a straight line rith slope -1/3 in logarithmic
coordinates.

Alumina was chosen as the "model" ceramic for the experimental study
because of its availability in a wide range of microstructures. We show
results here for single crystal sapphire and two polvcrystalline materials,
one nominally pure and the other containing a glassy grain boundary phase.

The results re shown in Fig. 2. Each data point represents the man
of about 10 specimens at a given load; error bars are omitted, but standard
deviations are typically 10%. The curves through the data are best fits
(4,51. The linear fits for sapphire and the glassy polycrystalline
material are in accord with Eq. 2. suggesting that the macroscopic tough-
nest can indeed be extrapolated back to the flaw scale. However, the fit
for 'pure" alumina deviates dramatically from the ideal linear behavior at
smaller flaw sizes. Thus, for this, third material predictions based on
extrapolations from the macroscale greatly overestimate the actual
strengths. It is as though the toughness, T, is systematically diminished
as the flaw size gets smaller, i.e., consistent with R-curve (T-curve)
behavior. On the other hand, we have the desirable feature of a region
of "flaw tolerance" where the strength is constant over a range of flaw
sizes.

a b

c - c(To P) 0-m O(m (To. P)

Figure 1. Schematic of indentation flaw test used to observe crack
evolution to failure: (a) Indentation, to introduce con-
trolled flaw% (b) bend test, to measure strength of specimen
with flaw.
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Figure 2. Inert strenxth vs indcntation load of three aluuinas,
single crystal (sapphire) and polycrystalline with and
without glassy grain boundary phase (PC-glassy and PC-
pure, respectively).

From these results, we concludes

(I) Extrapolation of macroscopic fracture data unconditionally into
small-flaw regions can be dangerous;

(i) Toughness is not generally single valued, but can be a function
of crack size, T(c)t

(i.i) The toughness function (T-curve) is microstructure sensitive, and
the grain boundary structure appears to hold the key to this sensitivity.

HECHAHISMS OF T-CURVE BEHAVIOR

There are several possible mechanisms which have been put forward
to explain T-curve behavior. The most popular of rhese are the "frontal
zone" mechanisms. Martensitic phase transformation is probably the most
powerful of all the toughening mechanisms but, to date, has been observed
exclusively in zirconias (6). The concept of microcracking has also
received much attention 171 in nontransforming ceramics. In both these
mechanisms, there is a frontal zone which travels with the extendinj
crack tip and therehy dissipates energy from the loading system. Some-
what remarkably, very little attempt has been made to verify these (or
indeed any other) mechanisms by direct observation (except in the
transforming zirconias).
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Figure 3. Vickers indentati.on (P' 5N) site ofl "ffractured" alumina disc.
Specimen thermall.y etched to reveal grain structure.

IN SITU OBSERVATION S OF CRACK EVOLUTION! IN AUMINA

B~y using the arrangee~nt in Fig. 1 and focussing a microscope onto the
indentation site during stressing, the crack evolution to failure could be
observed dirtgctly (8). These observations led to some surprises. W'hereas in
sapphire failure was spontaneous, in the "pure" polycrystalline alumina It
certainly was not. The cracks in the latter material war* stabilized. At
"failure" these specimens seemed to be fully fractured (t:he crack ran from
edge to edge and through the thickness of the sample) yet remained intact.

The center region of a broken specimen of the latter material is shown
in Fig. 3. At initial loading the indentation remained stationary, con-
fined at surrounding grain boundaries until at a critical point the cracks
suddenly "popped in". With subsequent load increments, grain-dimension
"Jumps" occurred in a stable but erratic manner for several millimet~ers
before failure. Despite intensive searching, no evidence could be found
for any frontal zone mechanism, microcricking or otherwilse. On the other
hand, inspection of the crack interface behind the tip revealed a high
density of "active" regions where grains remained attached to both wells.
The crack tip was clearly hold up by these partially attached grains. Two
specific examples o are shon in Fig. 4. In both

caes in'Fij. 41 secondary grain fracture is evident, suggesting that the
Interfacial restraining forces must be high.

To summarize the experimental observations:

(I) Crack growth in the "pure" alumina was discontinuous over small
groups of grains, yet stable over 10-100 grains (cf. relatively
spontaneous fracture in the other aluminas in Fig. 2)1

(ii) Grain attachment sites were active behind the crack tip, over many
millimeters In the *pure* alumina;

(iii) No evidence was found for a frontal maicrocrack zone.
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Figure 4. Scanning electron micrographs showing two examples of secondary
mitcroCractu re about bridging gra!ns.

Thus the nacroccopic ,\idcnce implies that the T-curve behavior in our
topure" alunina i.z due primarily in hrlifrint fonrcer at the crarl- interface.
More recent i's-k 1-Y Swamsnn an othtr materials l01 sov eRsts that this
observation nai genIerli|v lie trt, of other cvr .viic t iies as uell.
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Restrakftg Forces

Figure 5. Schematic of bridging modael (shown here for crack growth from
notch).

MODEL

A fracture mechanics model of rhe bridging mechanism has been de-
veloped [101 (see Fig. 5). Circles denote bridging sites; open and
closed circles distinguish active sites behind the tip and future sites
ahead of the tip. The sequence of calculations involved is as follows:

(i) The T-curve is taken to be expressible as the sum of the intrinsic (grain
boundary) toughness, T,, and an "internal" restraining term, Ki. i.e.

T(c) w T. - K:(c) (3)

For restraining forces, K, is negative;

(ii) The internal closure force. K1 (c), is determined by integrating the
closure forces over the bridging zone, assuming a specific force-separation
law. Since more bridges are intersected as the crack grows, Ki is an
arithmetically increasing function of c;

(iii) The critical condition for crack instability, K1 (c) a Y c.clI - T(c)0
dK./dc - dT/dc, (111 is computed to determine the strength vs load function.
cr.(P);

(iv) From the o,(P) data in Fig. 2, the T(c) function Is (numerically)
deconvoluted.

Figure 6 is a composite plot of the results for those aluninas in
Fig. 2 using this approach (with several approximations in the analysin).
Some of the more important features to note ares

(i) The crack size scale of the T-curve can be large, of order millimeters.
consistent with the scale of the observed bridging zones;

(ii) The T-curves are microstructure sensitive: the only difference between
the aluminas represented in Fig. 6 are the grain sizes and grain boundary
phases;
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Figure 7. T-curve conscruccion.
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((it) There appears to be an inverse relationship between TO and T_
(lower and upper plateau levels)s thus large-scale toughness can be a
poor indicator of small-scale toughness.

Consider now how the results in Fig. 6 explain the observed crack
evolution for materials with strong T-curve behavior (e.g., the poly-
crystalline "pure" material in Fig. 6). A construction for such a material
is reproduced in schematic form in Fig. 7. The solid curve re presentc
the T(c) function and lines I through 4 represent Ka - Y oacl1/ "loading
lines" for successively increasing values of applied stress, ca Suppose
our flaw has initial size corresponding to point I. Then the crack re-
main@ stationary until stage 2 is reached in loading, at which potnt
abrupt pop-in occurs, along IJ. With further loading the crack subse-
quently progresses stably through J12 along the curve, until at stage 4,
failure ensues. Actually, a more exact numerical deconvolution than we
have attempted in our data analysis would yield several secondary plateaus
along the rising T-curves in Fig. 6, consistent with the observation that
crack growth occurs in discrete jumps throughout its evolution. Thus the
failure stress is determined uniquely by the tangency condition at M,
independent of the initial crack size.

IMPLICATIONS

What are the implications of our results concerning NDE in ceramics?
First, we have shown that materials which exhibit strong T-curve behavior
can be extremely "flaw tolerant". The failure stress for these materials
is independent of the initial flaw size. For the engineer, this is an
extremely attractive prospect, for not only is the concept of a well-
defined design stress feasible, but the material is now much less
susceptible to strength degradation in service. However, at the same
time this raises the question as to whether we can retain the notion of
critical flaw size as a basis for screening. Secondly, there can be
strongly enhanced crack stability in these materials; the cracks can grow
large distances (tens or hundreds of grains) over the rising portion of
the T-curve, prior to failure. Importantly, this growth can occur dis-
continuously. Thus, the precursor growth stage may be usefully employed
as an "early warning" of impending failure. The possibilities of turning

this to advantage are clear.
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DISCUSSION

Ron Stroit, Laurence Livermore: The concern I had with some of the things
you were presenting is fracture mechanics and the KIC concept of
continuum mechanic's principles. You are applying it to stuff the
sire of 1 grain, 2 grains, 3 grains. And when you present your
indentation data, the strength falloff point on your curve was suspiciously
similar in si:t to I grain si:e. Are we not pushing fracture mechanics

heyond where it should ht?

Hr. Lawn: I don't believe we are. In most of the casts that I'm dealing
with here, the cracks do tend to be intergranular. So, provided

that we can regard the crack growth in the Intergranular phase to
be characterized by an intergranular toughness--that*s the T term--
I believe the fracture mechanics applies in principle, although
one must ask exactly what the stress intensity factor means when
you art going through a very narrow tnterphast.
Again, it raises some very subtle questions, but I believe that

the basic principles remain valid. but it's a point well-raised,
and I think you hdvs to be very cautious.

Hr. John loss (General Electric)i I'm not sure I understand.. Are you
saying that the crack progresses and meets a grain, loses part of
its energyj the radius of the crack tip increases until other grains
or other cracks decline around the grain?

Hr. Lawns What I'm saying is this! our model shows a crack growing
trom a notch, but it might be a crack that's growing right from
scratch.

So, the initial indentation crack goes along the weak grain boundary
and meets virtually no resistance, and if that was the whole story,
this whole material would have no toughness at all. But then it
comes across an obstacle and it has to run around that grain, we
believe, leaving the grain attached to both walls. So as the crack
grows, it's meeting some strength behind the crack tip. Then as
it goes on further and further and encompasses more of these grains
and they still remain active behind the grain, it's building up
more and more restraint behind the crack. Hence, the toughness
seems to be going up.

Hr. Rosst So the closing portions that are the restraining forces con-
trol the toughness.

Hr. Lawn: Exactly how these grains impose those forces is still a little
bit obscure. When you do the fracture mechanics, you have to bring
that in an empirical way. The actual physics of it is still a little
bit obscure, but the observation of it is very definite. You can

see the crack going around the grain and have the microscopx trained
on that grain. You can see the thing developing and the rei ected
light flashing subsurface even though the main crack is miles away.

Hr. Ross: Like lateral stability.

Mr. Lawn: I guess there's an analogy there.

Hr. Gordon Kino, Stanford: Is there something we can do, as NDE people.
to measure for what's going on? For instance, when you are doing
these measurements which you do along the surface, you don't
really look at the depth of the crack. W42en you have taken the
whole thing apart, is the crack growing in a similar way?
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And secondly, is the system uniform? In other words, if you
do the saue experiment on the same ceramic on another part of it,
would ever)thing be about the same? In other words, would you
measure, say, the elastic properties of the grains? Would that
provide some information that you need?

Hr. Lawns Well, the second question is--again, you are getting into
the actual details of the mechanism, and that is something we are
still working on. But maybe NDE can help out there, too, to
understand a little bit as to how these grains actually pull
apart.
Optical microscopy will tell you something, but in most of these

materials that wt looked at, they are, at best, translucent, and
so there's a lot of questions as to what goes on underneath the
surface of these materials, and that's where I think things like
acoustic emission could be extremely useful.
One of my co-authors was Peter Swanson, vho came from the rock

mechanics area. He has done similar experiments where he runs huge
cracks through big rocks, and he used acoustic triangulation
techniques to locate the sources of these active sites behind the
crack tip. Haybe that's something we can also do vith NDE, because
in many of these materials, we are talking about the zone lengths
at the fracture interface of several millimeters, up to 10 milli-
meters, in some cases. So it's not beyond the realms of possibility.
We can do that.

John HcClelland (Center for £DE): I was wondering, from what you are
saying, is there any reason to guess that most of the failures are
due to the flaws that are connected to the surface rather than imbedded

in the material?
Some NDE methods are better at looking at surface-related flaws

than deep flaws, and if you have this bridging mehaniem working,
dots that work more effectively on internal flaws and therefore
minimize their role in causing failure, or is there no reason to
speculate that way?

Hr. Lawn: Well, it depends on the material. When we started doing our
first experiments, we polished down our surfaces and we polished
them very badly. This led to some grain pull-outs on the surface,
and when we did our test, we observed the cracks starting from the
indentations. Also, they started from some of these other pull-
outs on the surface, and ofter a while, some of them ran into each
other. Then we started to polish much better, but we still got
breaks from internal flaws in some cases, particularly with small
indentations.

So, I think it depends very much on the actual material, although
in most of the cases we have looked at, it seems that we are no:
looking at Just the surface effect, but this is something charac-
teristic of the microstructure itself, something intrinsic to it,
and it occurs under the surface. So I have a suspicion that you
are not going to get aw&y with Just looking at surfaces. It has
to be in the interior as well.
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Indentation Deformation and Fracture of Sapphire
HIELEN M. CHAW and HRIAN R. LAWW4

Ceramics Division. Institute for Mlaterials Science and E~ngineering. National Bureau of Standards. Gaihrburg. Mtarylin:d ZMh941*

Relatively little Is known aboiut the fundamental deformation Accordingly. the purpose of this study was to ChirliCterc~ the '
processes In Intrinsically hard, brittle materials, and even less indentation deformation-fracturt: pattern in a selected snfle-cr":-ml
about how these processes lead to the Initiation af cracks. In system. namely sapphire. using a transis~sion electron m10%
this paper, transmission electron microscopy is used to study copy ITEM) procedure developed by tiockey.,? Thc omei .f r
the deformation structure within Vkktrs Indentation zones of sapphire was based principally on the requirement ilthe .1w
single-crystal sapphire with (1110) surface orientation. The structure'"'i and mechanical properties"' should bk rcasont11t'l
relative misorientaiom of regions within these zones, as well documented. (Another. longer.:eri mnotive was thm t 5t~ud
mapped by converplnt-beamn kikuchi patterns, Is found to be should ultimately be extendible to practical ceramics. in this ~'

severe, Indicative of shear processes operating close to the to polycrystalline alumina, so that the influence of such mlcrti
cohesive linit. Two principal types of deformatioa are Wdentd- structural variables as grain-boundary structure might ke system-
fled, basal twinning and pyramida slip. Incipient microcracks atically evaluated.) Our principal goal was to identify dlw bakiw
are observed at both the twin Interfaces and the slip planes. deformation elements associated with crack nucleation in sapphire. '4

These Incipient "flaws" act as nucleation sie for the ensuing with the hope that this might allow us to make soin stamcntns
radial and lateral cracks. about crystalline solids in general. Because: crack nucleation I-. I

critical first step in flaw development, we may anticipate %,,ur
1. Introduction findings to be of relevance to importantlpractical issues concerning

thedegadaionof echnicl srenth* in small partid
.4 REcWT years, indentation analysis" has emerged as a power- impact). wear and erosion. etc.
ful tool for evaluating and characterizing the deformation and

fracture properties of ceramic materials, particularly as quantified 1.Eprmna rcdr
by hardness and toughness." The basic concept behind inden- I.Eirmna rcdr
tat ion testing is attractive In its simplicity, A standard -sharp" The method of specimen preparation for TEMt examination wvas
indenter (e.g.. Vickers) is loaded onto the surface of the tcst similar to that previously described by Hockey." Disks 03.nn
material. The intense stress concentration beneath the indentei diameter) wcre cut using an ultrasonic drill from a thin slice of
contact caiises the material to undergo both reversible and irre- sapphire of (1110) orientation.* This particular orientation %%as

versiblc deformat,'on. The most obvious manifestation of the latter chostn because I 11101 is the zone axis for a largc number of planes
component is. of course, the residual hardness impression. The that are: susceptible to shear deformation (Section 111). The disks
irrecrsible component is also responsible fOr any attendant crack were ground and polished to a thickness of 100 to 150 pm. The
initiation." "Furthermore, residual stresses can continue to exert final polishing step was carried out using 0.3.,um Ah.O, powder to
a1 strong influence on crack propagation well beyond the near- remove any remnant grinding damage which might be confused
contact zone."),"" A fundamental understanding of corntact- with the indentation structure. The samples were indented %k ith a
induced deformation processes would therefore appear to be an Vickers indenter at loads from 0.1 to 2.0 N. although for the
essential prerequisite to any complete description of flaw micro. majority of indentations aload of 0.25 N was used. The disks wkerc
mechanics in highly brittle ceramics. then thinned by ion-beam milling from the back only. i.e. the side

A notable restriction implicit in present-day indentation fracture away from the indentation surface. Following carbon coating. the
mechanics is the assumption of homogeneity and isotropy of mate- samples were examined in the TEM' at 150 keV. Some of the
rial structure. This restriction is apparent in experimental as well indented specimens were also examined by scanning electron mi.
as theoretical work. particularly in the strong tendency to adopt croscopy (SE.M) to reveal surface topographical features.
silicate glasses as model test materials. Studies into the mech-
anisms of indentation-induced crack initiation have been carried 11 eut
out elmost exclusively on glasses.'' Such studies reveal the Il eut
sources of initiation in the amorphous structures as "shear faults" (1 General Features
punched in irreversibly by the penetrating indenter. Characteristic The initntation sites were readily identified in the TEMt as
of these faults is that they form on curved surfaces, governed by localized regions of intense diffraction contrast. Figure I. which
trajectories of maximum shear, at stress levels close to the theo- shows sites for two different Vickers orientations relative to the
retical cohesive limit. Such characteristics would appear to repre. specimen surface, is a typical example. The characteristic spread.
sent a substantial departure from our traditional notions of slip ing of radial crack arms outward from the impression corners is
deformation in crystalline materials by low-stress dislocation pro- clearly evident in these micrographs. The intense contrnst within
cesses. Yet there are general features of the ine'entation the indentation zone, together with the ubiquitous appearancc of
deformation/fracture pattern in brittle materials, not least the clear bend contours about the peripherics. is strongly indicative of a
tendency for the radial cracks to initiate near the impression cor- high-strain deformation process. Closer inspection of the inden-I ners. that suggest some commonality in underlying mechanisms. tation zones reveals crystalline shear elements which we identify as
The implication here is that the classical picture of crystal plasticit'. mechanical twins and slip faults. Microcracking associated with
by dislocation glide may require some qualification when applied these shear elements is also identified. Details of such identi-
to ceramics, especially to the tougher. harder ceramics with intrin. fications are given in the following subsections.
sically strong covalent-ionic bonding.

(2) Shear Deformation Elerments
Recti%cd April 20. 1987,.3a o~ed September 10. 1997. (A) Ttt'ins-Itforphology: Sclccted-arca-diffraction TlEM
Presented at the 89th AnnuaIceting ofthbe Arican Ceramic Society. Pittsburgh. was used to identify some of the shear elements as basal twin';

PA. April 27. 1987 iflatic Science Division. Paper No. 35-B-R7l Exmlsaeidctdi is o4 o h IlO oloin
Supported by the U S Air Force Office of Scientific Resecarch, xmlsaeidctdi is It .Frte(10 oloin
'.%cmtvt. the Amncicn Ceramic Soiety. tation. the twin planes are perpendicular to the plane of the foil .mnd

'Mirtri~,ndices tirrc~poldmg to the %tructufai unit il s, a 2 '30 are have surface traces perpendicular to the 1000 11. No rhonMioedrat
u'cd thtiou h Iit 14r

.0,1 iN 30' i1'up, Electronic ln%:nmcnt. Inc.. .'.Ihwah.,YJ. t~kins were detected. The same surface traces were % mible in the
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(A)

Fig. 1. TEMItgfirli -ifh .t i 5N % .d.i, 'nJoi ntom*n 14rp!ltc A. ( l':~,.ii A .;ndcnt disjownt 41 J5* to j'iXill, ilaiii min JI %.cn~i% c."er
(mr the mo. q.3dr-in1 k lihr !b; *nitom-n4 .C ji e l~lc lo 'Oi 11. Osirniait 11 -indeni diagnai pataitct and jvriAndi.U1iat, 114sah~, tum&
Alcnmit unifoit in all four ijujiams

SEM by ZopographicaI contrast (Fig 21. indicating tht Ohc shear
dircetio(n has acompon~int normal to the foil tc.g.. I OIO10 or 0Ii'lj
relative to (hec 100i surface orientation) Thc morphological e'i.
dcne is therefore consistent with a tuinig plane Wo~ - MOOD1I
and tlik inning direction ta i - (l161tie By viewing the shcar planci;
edgc-on. e.g.. as in Fig. 3MA). (lhc %%idth of ihc twins alas Jetw.
mined to bt 10 to 50 nim.

Thc den s ity of tw ins witihin thc four quadrants or the i ndentat ion
zone was round to depend on the orientation of the indenter. It can
be seen that for orientation A4 in Fic, 11.A) the twi re located
almost exclusively in the two quadrants whose impression edges lie
perpendicular to 100011 For orientation B in Fig lifti. -in the
other hind, the m~in densi is more or less equil in ill fo'ur
quadrants T"his absence kit twiins in the left and right quadrant% for
orientation A im.%\ be rationaliied in terms of the stress tratccto'ry
field benecath the indenter;' " the basal planes in these two quad.
rants lie normnal to the surfaces that experience the greatest punch-
type shcar stresses (see Fig. 9. lateri In all oilher quadrants there
is somec component of resolved shear stress along the t'minning
direction, Herein lies our first strong manifestation oif crs-
tillographic constraint It will be appreciated that the etreiiie

Fig.2. ni~ugrpliof 2N V~kes i~enaito in~aphar. hanisotropy in twinning density mecans that there must exist other.
IIi p AS i racc~a tiht!Aurfice R2AJai cracks initate from ncir& perhaps mnore potent. shear dleforimion modes; for. othcru~i5,e.

1111I% how might we poisibly accounit for the residual impression in

(A) T(B)

RR

Fig. 3. \11 k.. 1.1, K C CI! ill iC 1 ,1 k m C i i'Ci,*~ m.11di.Ii''l. A~ I i t. ha'.eI kili 1igit gijks' ([.0 ~ ~ ~ ~ c ~ i nua.atn.111i'l
ikiniJ~ II . ~u~i. i.~ ~i.~.ni. .. ~ i~ And i~* ' Aiu~wmei uu \40& w% ii,'CI.. Atl ~~i. e I'%e: uui L\ vLii



Jinuary 19,88 Inl,, tatio:,t ai.rnu:hrmuthit tioI tre #,I N ,lolthir

toin.free quadrants such as tho'e n ti: Fi
These obscrvations of the ulin pall1N. were I~pn-j.l of all lw

Indcntation sites ex.amned in lit,% %tud). the oinl ntcii4:h de, S T
i.1turj( frOm~ Complete slimibrty -AN arrarentI. Nlilitj tenCnjCsj
for the averatc tfh ne% and the denuy of the 1it it :rc, ?' -,with load. "O "W)

(t8) Slip Aiciirpl 1.
were made to resolve it slip elements resivin.ible tr Iw bulk 6% '

of the residual dcformation in the central indentation to c'liu t%
proved difficult kmg to the exlcrnicly high $train denlity Ncucr.
theless. by systematically tidllng the roils Ill thc TEM 11 w, po'. '

siblk to image fault planes of calied high distoeatin den~it.
e.g.. as seen in Figs. 3)1 and 4 These faults generally aipc.ird
to be much narrower than their twin counterparts and 'cre inter.
prcted as planes of concentrated slip. Selccted.arca diffraction in
such regions showed no spurious reflections. confirming that
the defects were not microtwins, From the TEM evidence. alhing
with corresponding observations of fault traces in the S M
(e.iL, Fig. 2). the slip plane for the faults was dctermined to be 4
( 123), i.e.. of the pyramidal type. Because of the extreme in.
tensity' of contrast. attempts at Butjcr vctor de tminations of thedislocations were unsuccessful.

Accordingly. anothcr means was sought by which more quanti. T
tative inforation on the associated deformation might be obtained.
Convergent.beam kikuchi patterns were used for this purpose.
Thus the relative change in orientation in moving from the center
to the edge of the indentation zone. in the manner shown schert. Fi. 4, TEM rnirograph ofO,25.N V'dkcrs ndentatin near iin|rcstn
ically in Fig. 5(A). was mapped from the corresponding series of comer in sahire Slip fult SS ,epreeont planes ofconcenratcd %lip tying

parallcl to (tt113). TAmns IT also visible,

(A ) 

(B)2

1 2

3 45
Fig. 5. Use of convcrjent-bearn kikucth patlerns t l . tn.i"ure no ,wrirntIlton '. 1hl n llIliIl 1It /olle..n N a S I i tilh , . n * xi Ir Ili ,i iii 1111iplqi ,til

lattice rolationm across each quadrant of indenlaion upljvr taieriaaa. plan %v. ,. 11 l '. p.1111. 1110 le %ikll '11 I Ilk ,.i : h Iku 111a ',.
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J /(A) ___,_ _'

\ 2 3 q A ,,.
Fil. 4. Schntic diagram Indicating invariant lt axis (I"kel to ar. (00011

roAs) hcre the shift I - 2 -. J In kikuchi paitms is collinea. Y 1\

kikuchi patterns, Fig. 5(8). The electron probe size was -0. 1 )Lm, (B) S
and typically five patterns were obtained per quadrant (including at
least one outside the indentation are, to live a "zero misorien.
tation" calibration). Because the position df lh kikuchi pattern
relative to the transmitted spot is highly sensitive to minute changes S
in orientation, the shift between successive patterns provides us
with an accurate measure of the misozientation. Mort specifically, 10001I
the magnitude of the shift determines the angle of misorentation, %
y, and the direction of the shift determincs the axis of mison- ,,,%

entation (Fig. 6). The values of y in the near-center regions af the
indentation (i.e.. positions I to 4 in Fig. 5(A)) ranged from 2 to
10' this range appeared to be independent of load. These values
am too high to be simply due to foil bending. Indeed, y - 6' S
corresponds to a shear strain tan y - 0. , which is of the order of
the theoretical cohesive limit." This result is not surprising when Fig. 7. Diagram showing trace of (113)
one considers the ratio of hardness to shear modulus for sapphire, plae (shown u dashe line) with respect to
H/G - 20 GP&/I15 Gla - 0.13 (recalling that, by definition, the indenter for onenatons A and S. In ontn.
hardness I s a ta oftthe"averag"swu benath t ideata). tion A the two sets of (113) planes are sy)m.

hadnscily measur with mSl aeto rs inehednr
It is clear that we are dealing with a high-stress shear process her. lotnealytaion e ifthre slip occurs on et o

The slip configurations were sensitive to the indnt orkalm . (I in pains S. Hence uslw tilt axis in u as .
For orintation B the direction of the kikuchi pmtern shifts tended tr cast.
to be collinear, indicating that material rotaion was taking place
about an invariant tilt axis. This tilt axis was consistent with slip
on a single crystallographic system (specifically, on { I23)(TI00)).
For orientation A, however, ilthough the magnitudes of the misori-
entations were similar, there was no such invariant tilt axis. cracks within the indentation zone, with the express intent of deter.

The difference in behavior between the two orientations can be mining the source of nucleation centers for large-scale radial frac-
explained by reference to Fig. 7. In this figure surface mcs of the lure. Examples amr shown in Figs. 3.4, and 8. No such microcracks
active ( 1113) planes (imged in the TEM as planes of concentrated were ever detected in the undisturbed crystal regions. eliminating
slip) are sketched in as dashed lines. Only two of the three pos- the possibility that %€ might simply be observing a preexistent
sible surface traces are shown, as no evidence for slip was obtained flaw population, Further, the incidence of microcracks appeared
for the third set. For orientation B one set of (I I3) planes, tha to beasgeat inthe thickerrelionsofthe foil's in thethinner. sug-
with its trace more closely parallel to the impression edge, is gestingthattheresultsam nomereanifactsofhe foilpreparation.
clearly more disposed to slip than the other. For orientation A By tilting th foil until the cracks were seen edge.on. it could be
symmetry prevails, so the two sets are equally well disposed determined that nucleation occurrd preferentially at either the
to slip. Hence the lack of a well-defined tilt axis in the latter (1 113) slip planes or the (0001) twin interfaces. Figures 3 and 8
orientation, show examples. In Fig. 3(A) we see twin-induced microfissures

As mentioncd above, each trace actually represents a pair of along 77 degenerating into a larger.scale radial crack R at lower
planes; it is assumed, however, that only the plane which expe- left. (Close inspection reveals that the radial crack actually extends
riences the greater component of the shear stress' will be active, back a little way to the right, into the indentation zone.) It is noted
It is believed that although thu third set of (I1173) planes (sur- that (0001) is nor a favored cleavage plane in sapphire. so it is
face trace perpendicular to the [0001]) would appear to be fa- difficult to envisage how these fissures might ever be interpreted
vorably oriented for slip in orientation A, basal twinning occurs as anything other than the result of nucleation events. In Fig. 8
preferentially. analogous, slip-plane fissures are evident, again degenerating into

a radial crack configuration. We note the segmented appearance of
this particular crack system near the impression corner, strikingly

(3) Mticrocracks reminiscent of the radial patterns observed in glass (e.g.. Fig. 7 in
Particular attention was given to the presence of fine micro- Ref. 9).

'It should be noted that ahltoleher there e six variants of he (1123) plm. These IV. Discussion
can be regarded as consisting of three pairs o( variants, where within each pI. the Iwo
plants intersect the 0 l.0) plane alocj the same direction. but are inclined at e9 Using electron microscopy. we have been able to identify basal

Sha t be a factor. our Conviction that we are twinning and pyramidal slip as the principal shear deformation
v-itnessin intinsic nucleation processes would hardly be diminished. such spurions elements for Vickers indentations in (I 110) sapphire. In addition.
rclj ation% might then Ise %.cicd an causing essentially the s4 l tbut preeturnaI we have observed microcracking associated with the shear ele-

hain t r a l y ut ments. These processes all operate at stress levels close to the
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(A)

how slip 'suits initiect at impttsK* oetr %) nucleate micro.
cracks V~t thenici to liiiate th latscai radial Crack$. Noie
crack -tegment paralllio1 imprem sioui toal in comner region
This sultests that, on sensing the tensile stresis rei that ciists
ovtide the hardntess one. the newtv created microcracks fluk
seierai unscCssful atiem'qs 1) "qs4 in- to list radial configUra. t~g. 9. Schematic iilustrititon of how fAM t'lrii and (81 slip act t0

It" ny11be arrsted by an iAlacent (suit further rensosed (rom" acom~i th uc- ha stresses induced by the indenter

thcorctical cohesive limit. In this respect the nature of thec contact anisms, must act in concert with the twinning.
damae i saphie apear todifer ittl frm tat n ~Our results indicate that pyramidal slip. Fig. 98. is predominant

d~mjc i saphie apewsto iffr lttl fro tht i glssy aniot~n these other deformation modes. This is in accord %ith
nurerials. How ever. the anisotropy in deformation rattems (Or previous sharp particle impact work by Hockey" on 11ID~) sur-
different indenter orientation% (Fig, 1) indicates that cts f~s fr~ that particular contact configuration it *a% posiblc to
tallography imiposes severe constraints on the capacity of the con resolve individual dislocation arrays at thc perither, of the defor.
tact %tresi fields to activate slip. It is in this context that %Ac discuss mao zone. and thence to conirm the (11.3)(1100)J primary
in sonic Meail. with rcefencc: to Fig. 9. the manner in which the system. Hlowever. the detailed nature of the slip procss remains
sapphire del'onns to 3ccomiodate the penetrating indenter and ochtosue priual ntergin fhgetsrs
thereby generates nilerocracks. concentrationi ui.e.. at thc impression center and diagonals,. Wec

have mentioned tile difficulties in carrying out Burgers vector
determination% in the regions of intense diffraction contrast. Given

(I) Di~r'ariON .lf~d.iSMS thc strong inhomogeneity of the typical indentation stress field.'
HAsal twinning has been observed in sapphire by several othcr togct with the constraints imtposed by the indenter shape tespe.

workcri."" What is perhaps surpising as that no evidence of cially at the contact diagonals). it is not unteasonable it) expect that
rluimbaheilral twinning" N" was detcted here. We have already somc miultiple slap-plane activity mutt occur.
alluded tSection lis to a strong crystallographic constraint factor Tefc httesi rcse pri ls otechsv ii
in sapphirc. it is thercforc possible that the rhombohie'ral type m ea ththater the ig p cls oenae barie to d oisilain
could be activated in other (oil and indenter orientations. It can thus motion. High Perls barriers are, of course. characteristic of all
be argued that we are dealing with highly competitive deformation ceramics with a large component of covalent bonding,' The ques.
processes in this material and that, for our 1, 1110) surface orien- tion arises as to how valid it is to retain the picture of plasticity by
tion. it is the b&' plant. by virt of its favorable disposition (activated) glide dislocation motion in such cases. Hill and Row,

relative to the dirt kis of prncipal shear, that is strong ly favored. cliffe."' in analyzing analogous indentation-induced dislocation
Although basal twinning can accommsodate some of the per- structures in silicon. suggested a catastrophic shear mechanism. ror

mianent detormttion induced by the indenter, it cannot account (or which they coined the term "block slip." In their interpretation the* I all of it To set! this. consider the twinning geometry in Fig, 9MA. observed dislocations simply represent the end result of lattice
It i% readily showAn that the semiangle of the hardness impression inismnatch between opixssing. slipped surfaces. somewhat akin toJ if. given by tile configuration one would expect for a hecaled 0icar crack. It

might be argued that such distinction% amiount to nio mnore than an
tan 6 - I,// -l ) tan a I1) exercise in semsantics: after all, the fintal dislocation array is tlie

samec. On the other haind, the concept of block slip, ujnlike. that -if
simple dislocation motion. does extend naturally titnr taln

%%licre 1) is thle inan spacing between twins. d i% the twin thick- miaterial%. thus the shear faulting ob'erved inl glass miay %%ellI Ne
ness%. and ii is tile twin sheara:ngle. lniimng appropiriate values. described in these termis.
1) 5M~ Alm and d! -SO nin fr~om the electron microscopy evi-
dence. and 4, - Wf'rom geometrical coiiiderations. we calculate
tjI. - 4 for tile iiiiprcssion auiele 'I hni is suibstantially less thtan thle (2) Crack Nucicaiot

~ii.11pod 0C~ Ui $ lv beteen thle f,es of the Vii-Aers pyraimid Regardlc'~s of thie tictailed nature of tile shearing pre% inl
and he pc~tinn srt ce i iscler tat ilir deforii~tio indt apphire. at is apparent that the slip plane%. ais %tell t' tile iss in
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Interfaces. can be viewred as high-energy planar defects. AS Such. V. Conclusions
they represent favored sites for microcrack nucleation. cosstn For the indentation or (1120) sapphire. the deformation pro-till tilt experimental results in Section Ill. We arc unaware of any cesses which occur have been shown to be sensiite to Il ith icilstudy of crack nucleation in sapphire in thle literature (apirt from (ation or' the indcrnter with respect to fihe c tsallography 7heinferences drw fro~m incidental observations, cel; , posifailure prnial modes of dcfonitioti were identified as basal twinning,faciography of strength Speciens"). so we shall explore thc and pyrami~dal slip. The basal twin interfaes and Pyraidal slip)posf ible inechanisni in greater detail below. planes were observed to act as nucleation sites for incipient tiwro-F'irst. it may N reiterated that we are dealing with true nucde, cracks. Sine these inicrfacs represent planes of weakness In till:atitln events hcre. and tiot simply with the propagation (if stable) structure. one can consider flaws as existing along these bound-of preexisting flaws. Ex~criniental studies on double-cantilcvcr aries in a subthreshold state. The findings of our studies onl crackbean fracture sricclmcns" demonstrate that (0001) is the les: nucleation processes suggest that thle conept ofra "Griffith oaiuco*favored of all crystallographic planes for cleavage (a result tha' is crack," which is subject tin its mechanical responset only to xreadily rationalized in tcrms of the high cost in eniergy to scpas-tc trnal stress fields. may bi overly simplistic.surfaces of oppositely chargcd ions). Yet one of the sets of micro-
cracks in our indentation experiments was observed at the basal
twin interfaces. Such energetically unfavorable fracture configu.
rations are to be expected only un~der conditions of extraordinary
constraint. as indeed occur beneath a Vickers indenter. There the
local stress concentrations are presumably so intense. with a Acknowltdgmenits: 'nhe 4uthon thmi, DIii lk..iy (fo Merp -Q aitsce %%A
strongly suppresied tensile component. as to override the usual cusmoticnt of sh a twin 3 E-J slppan pecoe cnis...) hsitn'iftin~piti
dominating influence of surface energy.' the MI~ wok am SA Wledethcn log coO'minti on the iiid~itiil iasat

Accordingly. by analogy with the shear-fault mlodeling in earlier
studies on gls~~it is proposed that crack nucleation in Sapphire
occurs preferentially on the twin and slip interfaces. Exactly where
along these interfaces the nucleation begins is open to speculation.
but there are certain sites that appear more favored than others.
Among these are points of intersection between twin and slip plancs
in adjacent quadrants, especially in the vicinity of the impression
diagonals.' Therm are strong parallels here with the uime-honored
dislocation pileup models of crack initiation of the Zencr-Stroh.
Cottrell :.ype'" for metals. An important difference in the
covalcnt-ionic material of interest here is that the "pilcup" plants
themselves, because of their state of high energy, arm likely to
become an integral part of the crack embryos once the process has
begun. It follows that for "subthreshold" indecntations in which
twlelation has not yet been effected, these planes will remain as Refeences
potential sources of weakness in any subsequent, external stressing IR.R LAwn adT. R Wailhw."In~eknwion Fracture' Psnciptes an.!Arpiica.
and/or environmental attack, as is indeed found to be the case in R~e.. Ute. pp. 1161 Fratui9-S ai of19 raics V%% $ J ite C
optical glass fibers.' Bradt. D.i'lt. Hasir..,n. and F.F Lwac: Plnum Presi..,c wk . 1W5

The issues raised above have important implications concerning Prss Ne Pork 6719 SrOt 1G5. Egdb CKKu~ Peuthe mechanical properties of intrinsically hard, brittle ceramics. It 'A. 0, Evari ssd I-A. Chut. i'rature Toughtiest OcierrmnAtioni bi, Indcn.
is generally accepted that the chief cause of strength degradation in wion. J Am., Ctam, Soc.. 59 C -ll M71' (1976L

IG R Ams. P. Chatikut. 0.9 Ma1nhall. and .R Lawn.-A Criticalt alu.ceramic materials with inrially pristine surfaces is the p.'esence of ato of Inttion Tchnctfl'ir~cssurin Fracture Toughiness. 1. Due.: CoAcI
small "flaws," and yet scant attention has been paid to the funda. MNtcrtitrnit.J, Am, Ceram, Soc. 6 191 D)3,491t193 fIi*OCiniu. .Ams. E.K LAwn. ad! 0.8 Marshall. "A Cniiwai Cslu.mental, precursor detects from which these flaws generate. In* alo, of Indentation Ttchniiqucs for N tirsng F'mraca Toughness 11. Strength
stead, there is a deeply rooted tendency for those involved in Niesho.." J. Am Ceram, Soc.. " 19) 539-43 (1991)strength~~~~~~~~~~~~~ anlsst1ireadsc.oenil"opiatos"ad1. T. Hauan andSCI V. Swain. 'Me Origin of Nieslian and Lacril Crack~s at lasticstregthanaysisto isrgardsuc poentil "ompicatons" ad ndents In Britle Materials." J. Phys. D. 11111 2091-102 (1971)to treat flaws as scaled-down versions of large-scale cracks subject J J T. lisgan.-Shetai Detonnaaims Under P)M 4 randt Indnters (n Soda.Lime Gitss.~'
exclusively to externally applied stresses. The results of our study U a'e' Sd.. IS5161 1417-24 (1990)

'B.K. Lawn. T. P. Obbs.mdC I. Fairbanks. iinctiesci Shea,.Aeistdloden.indicate that this picture can be highly ovcrsimplistic. Not only istio rasc Initiation In Sods.Umc Gliss."J MaserSci. 1t 191 2785-97 .i983)
may the response of these flaws in exernal fields be domf inated by ll Multhotai. D.K Lan. and T.P Dabbt. ppi. 681-93 in Dd oartion or
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state. In such cases the mechanics of failure differ dramatically 'D. B.". Masell SB. R, Lawn a0i-1 (.19791klJ. WfrSe. 14 19) 2225435from those that dcrive from the traditional "Griffith microc.rack" (1979)
theories." WMe may envisage a similar impact on the micro. "1. 1. ockey. -Plastic Defoamation or Aluminum Oxide by todenution and

Abrauion." J Am. Ceram,. Soc. 54 151 223-31 (197 1).mechanics of other, practically important, contact-related pro. "I'M.L iKoers. -Plastic Deformation of Single Crystals of Saipihlzre."J Am
cesses. such as erosion by particle impact, and wear by machining, Cer~am' 5cy.. S 191 507-24 (1957)
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Tempe-rature D'ependence of Hardness of Pra~nily in~' Nt~c en f

Alumina-Based Ceramics 11rr iitic eting. C16 '4tipli i
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CHARLES P ALPCERT HELIUM M CIIAN.* STEMINt J HCNNISON.*' ANDla (nt hn Hot-hardn c~t Ac:s re mad
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Hardness was measured as afunction of temperalure (20' to 1000~T ) (or sever4: SIAINWll 'AtIC f JAte 1 200(VC Injtr
AI:-O, ceramics. includig singlkrcrystal sapphire and polycryjfallbne alluminas Ta To lUO'C une 1 "01 110 tar. I In
containing different amounts of second phase. Hardness decrosed steidi~v with roslUdrImISiO tr
increasing temnperature for all materials tested, in acc~ordance~ 'silt it semi- rr,' ot~jc3I 3A cafnng e&tign Allr~
empirical relation of the form H-. (I -TIT#). This behavior trotformei-t a~gJ ;mgrphs and converted to htrdncs~ %-alucs
thermally activated slip process, limited by Peleris stresses. At lv'wer tenmpera. ui; luP, 2st., ith 11 the load and it the F_
tures, the hardness ralues for debased daleaminas were less (smaller Hid thtan for Inikntation half-diijonal Mean aind =an I
ihe pure materials, consistent with a reduction in shear moduslus resulting fro 3(ad dtVIjAtgon5 Were CJlu4ted frO'tt (IC
the *msr"* phase. However, at higher temperatures thti hardness valites for all indenitiuons per temperature meung pcrf
the aluminas converged (identical T&. i.e.. mattrial-invariana' actitittion energy). fr tarl,.

The latter behavior indicated that the temperature dependence Of the indenltt RESI.LTS
deformation was controlled predominantly by the AlS-O component.Fgre2ptshdei a(ntn

of tirmperature for the different :iluminai.
N IEW of the potetia use of ceirimnis struicture. Thus. the rok of such factors 3& The typical standard donviation for the

as hlhainemperaur materials. it is pet. rain-boundairy phase. so critical to creep points in this plot Is =Yr but tnmr Was
haps remarkable that so little is known properts. remains tlgly undetermined. are emitted to avoid data overlap. The
about the~r "hol: hardness" properties. The present work Investigates the hardness for all materials decreases nearlv
Studies by Westbrook.' Atkins and Tabor.3  temperature depdec of several Al.-O, linearly with -;cmperature. For sspphirei'
and Naylor and Page3 PAnd out as Impor- ceramics, with the aim of examining the and the nominally purc polycry~talline
taw, but isolated. contributions. Particu- role of mierosruicara variables. alumInas. -6 the data arc practically
lady surprising Is the lack of attention in indistinguishable. This indicates that. for
this respect paid to Al .0j, one o( the mo XM.iENTAL PROCEDURE the range of temperatures studied, grain
widely used of all ceiramics. The daoa that The materials tested included sing le- boundaries play no sil;nificeant role in tie.
do exist on this materiaaI'1 show a gPn. crystal sapphire AMd nominally pure and termining hardness. On the other hand.
ecad tendency for the hardness to decrease debased polycrystailline aluminas. Table I the data for the debascd alumninas fall
strongly with temperature, suggesting some lists these materiails, along with some of below those (or the purc 3luminas. This is
activated process. However, there appar. their essential properties. The second not inconsistent with the expected roe of
etly has been no attempt to comput dama phase in the debased materials was de. a soft phase. However. :he greatest differ-
(or pure and debased alumina%. or even termined by scanning and transmission ences in values occur at the lower tern.
tor aingle-crystal and polycrystall alumi.
nas, to determine the Influence of micro-
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Table 1. Properties of Materials Used in This Study
Swrsca~ Grain silt )A H.

Sapphirco 174 23.?
vistal' 0.2 20 161 23.2
AD999' 0.2 3 158 23.2
AD96 7 1I 125 17.6 Fig I SIM of lv%he.d %ectin of debascd IAD90i alunni. luminglL
AD90' 18 4 113 15.8 lk~kl sr:ufalunt%ili gla'.. pitaw~ bimen the AI.0, grain-. No'te
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30 ln may be nelcacted conpritd to the C%-
ponential depndence in Eq, i1. With this

o SappMke qualification. i, is constat Finally. the25 aVlp hardness. H. will scale directly with the25- VOWresolved shear MO~s. 7, The n Fq. (1): my
*ADMbe rearranged to give
* ADW

0 ohere HIYA is the hudnes 3t 0 K and
Tx.Fo is the "soficning" temperature at
,, hich the hardness goes to zero.

NThe solid lines in Fit. 2 arc fits or
Eq. 12) to the dala. In this fitting, no at.
temp( is mad to distinguish betecn the

10 Nsingk.crystl and pure polycryital f(Orms

of AI:O,. However. separate lines are
A drawn through the data for two debasedo :aluminars. All the data can be filled t0 1

S5 common value o( T 1350 K. The v3!us
of HO, however, differ for each curve.
These values am included in Table I.

0' 1 I t I

0 4 1200 0I0 DisussioN
Can one aach any physical signifi.

canee to the parameters obtained from the
Fg , 2. PIn of hardf1es %Vrius k nMpr _tfr lt SmlnA Mkis data fits? First. it should be emphasized
Id in Table h I.lid hues a lincal ris to Eq, (2). "that the "goodness" of fit obtained inFig. 2 establishes consistency with. but

no( proa of. a flow process controlled by

peratures: Indeed. the data for all matrls tmture f appear in Fig. 2. Acco - dislocatio moion over lattice ba4ers.
coniverge strongly ac the upper end of the inlly, a semiempirkal relation for dislo- Them are several variants of Eq. (1).i

temperure scale. cation velocities for activation over energy along with the usual (empirical) Anhenius

The general implication f these quali- barriers' yields function, and most of these fit equally

tative observations is that the activation well to the data.

process for the deformaition is conltrolled -. v exp [-(&,FjT)(-r/Y)] (1) The modeling indicates that the de-

by the Same, primary compone in all the formation is stress activated. Moreover.

materials. i.e.. the AI1O). Microscopic where P is a dimensionless constant. b is the apparent constancy in To (x.%F) sug-

exanation of the surface regions ar d the Burgers, vector, j, is a lattice vibration gests that the activation energy Is the same
eindention sites realehe r en t fquency. AFq is a zero-stress (r-0) ac- for all alumina materials, which in turn

.ad density of slip linsl to balerthe e tivation energy for the diskcation motion. suggests that it may be slip in the hard.
an the sapphire nd the relatively coarse. r is the resolved shear stress on the rele. primary AlgOj component that controls
grained polycrystalline alumina ! at ec- vant slip pla eY is the theoretical shear the activation process. This possibility

voted tempcraures (albeit confined within strength of the cystal (xgr. with A the differs somewhat from that advanced by
in the later aii) su - shear modulus), k is Boltzmann's con. Czernuszka and Page s in an earlier

nth a the stalatril .sut -r tan. and T is absolute temperature. The hardness-temperature study of two de.
Ing that the availability of suitably on- barriers in Eq. (1) could be associated based aluminas, that suggested that the
ented slp systems is no limiting factor in with eiuar the intrinsic lattice reistamne sharp falloff in hrdnss with increasing
the deformation process. or extrinsic obstales. The main feature of temperature might result In part from

HARDNESS AS A THERMALLY this equation is the appearance of a strong a softening of the second phase. However.

ACTIVATED SUP PROCESS stress term in the activation exponent. those workers made no attempt to corn-
With these feature in mind, a at- Consider the conditions under which pare their results with controls contain-

tempt was made O reconcile the results hardness tests were made. Recall that ing no second phases. Also, the estimated

with theoretical relations for dislocation- the indenter in the present experiments softening temperature of the glass in the

controlled strain rates. An earlier paper' was l a t a constant penetration rate. alumina materials used hcre."' 90C

argued that dislocation Slip processes K- followed by a fixed dwell time. In the a (from viscosity data for aluminosilicate

count for the greater pal of the hardness proximation that the bulk of the deforma- glass*). suggests that the second phases

deformation in sapphire. even at room lion occurrd during the initial penetration may retain much of their load-bearing

temperature (although the indentation stage (i.e.. neglecting any additional de- capacity at intermediate temperatures.

shear stresses were close to the theomical formation that might have occurred in Funhermore. it appears from Fig. I that.

cohesive limit for the AI:Oj structure, and the dwell time after achieving maximum despite the presence of the glassy pockets.

twinning was also active). More quantita- load), the average steady-state shear-strain the Al.,O) grains in the debased struc-

tive studies" of the deformation processes rate in the near-contact field was the same tures maintain close contact with their

in sapphire confirmd the activity of well. for all indentations, regardless of material neighbors: i.e., the alumina structure re-

defined dislocation slip systems; more- or temperature. But for dislocation- mains effectively "connected." In this

oer.te flowstresssifo r the systems controlled deformation, the steady-state latter context, the indentation field con-
follow the same precipitous decreases with shear rate is simply bpv. where p is the tains a large hydrostatic-stress component

dislocation density. Surely. p will depend that would help to enhance such intergran-

on the resolved shear stress. r (notably at ular contact.
the higher temperatures). but such a de- This picture of a connected alu-

pendence will appear only as a precxpo- inina structure is also consistent with the

"AD9O. Coots PorcClain Co. nential factor (usually power law') in the 'athermal" element of the hardness
AD96. Cxo,. Porclin Co shear-strain rate. and to a first approxima- behavior. The shear modulus for %uch a
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structure would be expected to diminish lion directly conframt% to crCep ptfics 044%1 rp ,,At &*w t PSr~f lt*Jnc~ T~a
systematically with Increasing $l21% co". al h~gtcr temperaturcs. It~' co%6 ticticf ti lot SIC1tt'v, NIC3
(tnt. in accordance with some law of PA~t, W
mixtures. The reduction in Ho~ (%A) with stlm k'aPba(osiCciit Lj.Increasing glass content (Table I1 might AcKNOWXEDOIENT Tfrqf. 40%4 Er',0ftfM4I'fviU W 9
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pcity for the structure to withstand shearm "' ?" *AcW ft ?W0 4j 'I W Chast Wj 6I U'n. t.k'.i*.t" Do.
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J, 711 .110 l"Aiproximately with the measured shear A It lkwi. Y I Tifht. W X St C~iwva.
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Crack-Interface Traction: A
Fracture-Resistance Mechanism in Brittle
Polycrystals

Pvs L S; ,sc"
Institute for Mahterials Science and Engnoarting
National Bureau of Standards
Gaithersburg, MD 20699

Crack-interface tractions have been identified as a source of increasing resistance
to fracture with crack extension, or rising R-curve behavior, in previous studies on
coarse-grained alumina. Real time, in situ, microscopy observations are used in the
present study to investigate the generality of crack-interface tractions as a crack-
resistance mechanism in three alumina and three glass-ceramics with varying
R-curve characteristics. Interface tractions are found to operate to varying degrees
in each material. Observed sources of interface traction include: (1) frictional or
geometrical interlocking of microstructurally rough fracture surfaces and (2)
ligamentary bridging by intact islands of material left behind the advancing fracture
front. Ligamenta"y-bridge formation is compared with the development of twist
hackle, incluston;wake hackle and cleavage hackle in simple material systems. Both
sources of interface traction remain active as far as 100 particle dimensions behind
the primary crack tip and, with sufficient crack-opening displacement, are eventually
overcome by interface-localized microfracturing. Simple analytical fracture mechan-
ics concepts are used to assess the influence of Interface tractions on macroscopic
fracture behavior. Because of the observed crack-history dependence of the
interface-traction crack-tip shielding, it Is suggested that neither R-curve behavior
nor applied.K~isubcritical crack velocity relationships are unique properties of these
and similar materials.

Our understanding of fracture micromcchanisms in brittle polycrystals has
recently been advanced through elementary studies of the fracture-extension
process using real time in situ microscopy techniques.1' 3 These studies have
demonstrated that, although our understanding of the basic phenomenology of
fracture in these materials is still in its infancy. there is great potential for effective
engineering design of fracture properties through elucidation of the various roles
that a mate;ials micros(ructure plays in providing resistance to fracture. An
important characteristic of macroscopic fracture serving to focus attention on
fracture micromechanisms is the crack-length-dependent toughness observed in
certain polycr.stalline ceramics. Of greatest inttrest are materials exhibiting
increasing resistance to fracture with crack extension or rising R.curve behav-
ior. - ,

'Now wilh U.S. Bureau of Mines. Denver Federal Center, Denver, CO 80225.

Advances in Ceramics. Vol. 22- Fractography of Glasses and Ceramics
Copyright C 1988. The Ameeican Ceramic Society. Inc.
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Fig. 1. Diffuse microcrack zone predicted by microcrack-toughening
models incorporating a critical-principal-tensile microcracking stress, a,.

Rising R-curves imply that a material has an increased tolerance of cracks and
flaws. As critical flaws in ceramics are generally very small and very difficult to
detect using nondestructive testing techniques, the benefits of sustaining larger
flaws before reaching critical failure conditions are obvious. Thus, a fundamental
understanding of the mechanisms by which a material resists fracture is cricial to
the development of strong flaw-tolerant ceramics.

Numerous mechanisms have been suggested to 1;. mponsible for R-curve
behavior in single-phase, nontnnsforming ceramics, particularly frontal.tone
micrccracking (Fig. 1). This commonly cited toughening mecharvism was spi:cif.
ically tested for its applicability to alumina ceramics in a recetfl micro,copy
study.) No distributed microcracking ahead of the primary fractue tip was
observed with either optical reflection/transmission microscopy or diamond-stylus
surface profilometry.1

While failure to find experimental evidence for distributed microcracking
cannot be used as direct evidence of its nonexistence, these studies have
demonstrated that another mechanism is active which provides a reasonable
explanation for a variety of macroscopic fracture phenomena, including R-cuive
behavior. It is a mechanism of restraining forces acting across the nascent fracture
interface which shields the primary crack tip from high levels of stress. The effect
is similar to the action of fibers in fiber-reinforced composites: as a crack extends
through the matrix of the composite. the increasing restraining effect of the fibers
must be overcome for continued propagation. Figure 2 schematically illustrates
two sources of restraining force, or crack-interface traction, observed in
polycrystalline alumina3 and multi-phase crystalline rocks.' They are: (I) geo-
metrical or frictional interlocking of topographically-rough fracture surfaces and
(2) ligamentary bridging by intact "islands" of material left behind the advancing
fracture front.

Secondary microcracking was, in fact, observed in the microscopy experi-
ments." it is important to note. however, that it did not occur by the
critical-principal-tensile-stress mechanism (Fig. I). Instead, microcracking oc-
curred behind the visibly-defined primary crack tip at positions where tractions
were transmitted across the fracture interface. Interface-localized microcracking,
including both friction-induced microcracking and localized microcrack rupture of
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Fig. 2. Sources of crack-interface traction observed in coarse-grained
alumina (3) and multi-phase crystalline rocks (7).

the intact ligamentary bridges, served as a mechanism for overcoming the
cruck-planc tractions.

The energetic imporance of the interface-traction shielding "activity" was
first demonstrated directly in R-curve experiments on alumina by Knehans and
Steinbrech.' They measured as much as a four-fold increase in the energy required
for crack extension after propagation distances of only a few hundred microme-
ters. By removing the traction-supporting interface with careful sawcutting. they
showed that the rising R-curve is reduced to original (short-crack) levels of
fracture energy. Contributions to the fracture energy from a frontal microcrack
cloud were riot needed to explain the increasing resistance to fracture with crack
extension. In the final energy-budget analysis, the increased resistance to fracture
can largely be traced td the increase in secondary microcrack surface area. The
multiple. interface-related microcracks often occur along transgranular fracture
paths thus providing an intrinsically high-energy source of fracture-surface
energy. "' Additional fracture energy may be consumed through other friction-
related dissipative mechanisms.

In the present paper, photo-documentation of real time in situ microscopic
observations of tensile-fracture propagaiion in several different alumina and
glass-ceramics is presented. The generality of the interface-traction crack-
resistance mechanism in these materials is explored. suggestions as to the
conditions which lead to interface-traction formation are offered. and the conse-
quences of their action on macroscopic fracture behavior through .a generic
interl'ace-traction fracture model are considered.
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Fig. 3. Wedge-loaded double-cantilever beam (WLDCB) geometry used
in real-time observations of fracture; (a) plan view, (b) side view.

Exp.oimenil Technique
Mode-I fractures were propagated in small wedge-loaded double cantilever

beam (WLDCB) specimens of polycrystalline alumina (nominal grain size 3 gim
(AD9990), 6 im (WF). and 80 jIm (V10)) and glass ceramics (5-jim cordierite
laths (POt, 8-pm mica platelets (MAI), and 15 to 30 jim lithium-alumino-silicate
platelets (SL3 )dispersed in glass matrices). Both tapered WLDCB specimens
(2-mm thick, 12-mm per side equilateral triangles (Fig. 3)) and rectangular
WLDCB specimens 0.5 by 5 by 12 mm) were employed.-

Crack velocities ranged between approximately 10-5 and 10-9 mis in both air
and Vacuum (10-7 torr) environments. Observations were made through an optical
microscope (Fig. 3) equipped with Nomarski interference contrast capability and
a scanning electron microscope. Specimens werc polished with successively finer
diamond grit sizes down to I gim, followed by 0.3 gim alumina powder. The SEIM
specimens were given a light coating of gold. The optical microscope specimens
were left uncoated to plreserve optical transmissibility.

Precracks were initiated from 130-jim-wide starter notches by direct wedge
loading in air. Load wzs supplied via a 60' screw-driven, carbide-tipped, tool-steel
wedge. Crack-guide grooves were not employed.

After each load increment, subcritical crack extension was monitored through

'Coors Porcelain Co.. Golden. CO.
tFriediclisred Co.. Gmbll. Mannheimn. German%,
tXorning C9606. Pyrocerani. Corning Glass Work%. Coining. NY.
§Corning C9658. Nacor. Corning Gls%% Work%. Corning. NY.
fSandi3 National Laboratory. Albuquerque. NMI
-Identification of mazeuialk u~cd in th% tudy doei not imply veUrsement by the National Biureau

or Standardi.
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the micro.ope until the crack velkity dropped below approximately 10" nv.s. A
nix)aic of micrograph~ was. obtained %hilc the sumple remained under load and
then the sequence wa. repeated. Samples were not unloWed at any time during the
te.ts. Crack propagation dirction was from left to right in each micrograph.

RIsulhs

Gfw ObWNWWtf
As is commonly observed in many brittle polycrystalline systems, fractures

display a general tendency to deflect along appr(, iately-oriented low.fracture-
energy particle boundaries. Extension along these boundaries (as well as
transgranular segments) occurs in discrete jumps, with the extension-increment
length closely related to the size of the constituent particles. The increments are
quantized nat only in the direction of macrocrack propagation but also laterally
along the length of the crack front. Consumption of fracture energy is not.
therefore, necessarily accompanied by visible crack extension on the surface.

While the overall macrocrack velocity was in the range of 10- s to 10"' m/s.
the speed with which the individual increments advanced varied. In the large.
grained alumina, the discrete.increment speed was usually much faster than the
eye could follow (i10I- ms at 200x). It thus appeared as if the macrocrack
growth rate was limited, not by propagation over individual increments, but by
initiation of the increments. Exceptions to this were observed at very low
velocities where the increment speed occasionally approached the average
velocity.

Crack extension also was discontinuous in the glass-ceramics: however.
compared to the aluminas, the discrete.increment velocity more closely approxi-
mated the overall average velocity.

No evidence of a diffuse frontal-zone microcrack cloud surrounding the
primary fracture tip was observed in any of the crack growth experiments.
Crack-interface tractions. however, were observed to some degree in all of the
materials invectigated. Due to the difficulty in viewing three-dimensional fracture
structure from a two-dimensional surface perspective, separation of the interface-
traction sources into the two categories shown in Fig. 2 was not always possible.
Since many of the materials studied range from transparent to partially translucent.
it was possible to resolve some three-dimensional crack structure in transmitted
light. However, both the limited depth-of-field available at high magnification and
scattering from both rough fracture surfaces and related interface microcracking
make positive differentiation between the two sources difficult. It ii relatively
simple, though, to detect interface "activity" without specifying the exact nature
of the traction source.

Intrfac Tractiqs"
Figure 4 illustrates a relatively clear example of how geometrical interlocking

leads to interface-localized microcracking in the coarse-grained (VI) alumina.
Frictional resistance to the shearing components of local crack-opening displace-
ment (modes -l and -111) provides the tensile (or mixed-mode) driving force for
the reverse-propagating secondary microcrack. Friction-driven extension of the
microcrack in Fig. 4 persists even though the macrofracture has traversed the
entire specimen length (boundary of specimen is I mm to the right of the
secondary-crack site). Continued loading of the "failed" sample resulted in
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Fig. 4. Interface-localized microcrack produced in coarse-grained
alumina (VI) by frictional resistance to separation of interlocking fracture
surfaces.

complete detachment of the contacting asperity to produce a loose paricle of
specimen debris. In general, the amount of debris along the fracture interface of
cracked specimens decreases as the crack tip is approached.

The evolutionary process of bridge formation and rupture in the coarse-
grained alumina is shown in Fig. 5. This sequence of photos shows the same field
of view at three different stages of loading. The distances between the primary
crack tip ard bridge site in Fig. 5(a) through (c) are approximately 0.4. 0.7. and
4.7 mm. respectively. (interface tractions were observed to remain active for
several millimeters behind the crack tip in this particular material.) In general,
bridging segments encompass a single grain or small groups of grains (exceptions
are later noted). In the example of Fig. 5. predominantly grain-boundary crack
segments initially overlap around several grains to form the intact "island" or
ligamentary bridge of material. Subsurface viewing shows that the apparenly
isolated surface.crack traces actually connect at depth. With furher loading (Fig.
5(b)). both the amount of crack overlap and the amount of secondary microcrack-
ing within the span of bridging material increase. Eventually, the final fracture
surface (Fig. 5(c)) takes a completely different, often transgranular. rupture path
through the bridging segment. Ruptured bridges sometimes produce complex
interlocking fracture surfaces which subsequently undergo additional microcrack
damage and specimen-debris production by frictional-interlocking tractions (e.g..
Fig. 4).

As Figs. 4 and 5 illustrate, standard optical reflection microscopy techniques
are sufficient to study the structural evolution of fractures in medium.to-large-
grained materials. In the finer-grained aluminas (Fig. 6). resolving crack structure
is difficult. Even simple determination of the crack-tip location in reflected light
(upper photo) is difficult. However. by illuminating the translucent sample with a
spot source of light placed adjacent to the fracture trace and viewing with crossed
polars. the light scattered from the fracture interface throughout the near-
subsurface region provides an estimate of both the crack-tip location and
traction-zone length. In the two fine-grained alumina materials (AD999 and FF).
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Fig. 5. Llgamentary-bridge formation and rupture in alumina (VI). This
single bridge site Is 0.4 (a), 0.7 (b) and 4.7 mm (c) behind the advancing
crack tip.

a gradual transition in the light transmissionlreflection characteristics was ob-
served as the illumination source was translated p-rallel to the fracture trace.
When positioned well ahead of the crack tip. there was maximum light transmis-
sion. When the light source was placed adjacent to well formed segments of the
fracture. there was maximum reflection. The transition between these extremes
extended over 100 to 150 lam for both finc.grained aluminas (3 and 5 gum grain
size). Similar side-scan illumination measurements on glass show an abrupt
transition between maximum reflection and maximum transmission. The transi-
tion zones in the polycrystals therefore are interpreted as representing a measure
of the interface-traction-zone length. Since both traction sources (Fig. 2) allow
partial transmission of light, it was not possible to distinguish between the two
using this technique.

Greater detail of fracture-trace features is available in in situ SEM experi-
ments. Unfortunately. two significant advantages are lost. First, subsurface
observations in optically translucent materials are no lonpr possible. Secondly.
the applied stress-intensity range over which moistur-etnhanced slow crack
growth takes place is reduced in the SENt vacuum. This makes controlled crack
growth experiments more difficult to perform. One unanticipated advantage of the
SEM technique is related to the need to provide a conductive coating on poor
electrical conductors. When the crack breaks through the gold surface coating. the
poorly conducting ceramic interior is partly exposed to the electron beam causing
charging. Intact-material bridges. on the other hand. remain coated and relatively
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Fig. 6. Reflected light (top photo) and side-scan illumination (bottom
photo) of fracture in fine-grained alumina (FF). Gradual transition
(100-150 lAm) from maximum to minimum light transmission gives
indication of Interface-traction zone lengths.
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Fig. 7. SEM micrograph of intact interfacial ligaments left behind
advancing fracture front in cordierite glass-ceramic (PC).

dark. and thercfore readily recognizable. Several example. or ligumentary bridges
observed in an experiment on the cordieritc glas.ccramic are shown in Fig. 7.
Similar intcrface traction activity. including friction-induced microcrack damage
and particle-debris production. also was obsered to varying degrees in the (ther
glass ceramics. Ligamentary bridges encompassing many particles (Fig. ,)
occasionally persisted for up io a millimeter b-hind the advancing crack tip in
these materi.l1%.
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Fig. 8. Large ligamentary bridges left 1 mm behind crack tip during
fracture of glass-ceramic (PC) in the SEM.

Int fuace-Traetn Fonwatkn
Contained within the morphology of a fracture surface iR the convolution of

the spatial variation in resistance to fracture and the stress sale present during the
fracturing process. This fundamental tenet of fractography holds whether one is
investigating fracture on the scale of single crystals, planetary bodies, or
centimeter-size structural-ceramic components. In consideration of the sequence
of events leading to interface-traction formation, our scale of interest lies within
the scale of the microstructure. At this scale. the resisance to fracture and the
stress field are not simply describable in continuum terms: both quantities vary
considerably as a function of position resulting in significant deflection of the
crack tip on this microstructural scale. Although geometrical shielding by crack
deflection is considered a source of toughening by itself.' it does not account for
the long range nature of rising R-curves observed in large crack-fracture
mechanics tests.3 We emphasize instead. in the following discussion and presen-
tation of additional supportive observations, the role that local crack-tip deflection
plays in developing conditions leading Io both fracture-surface interlocking and
grain-scale ligamentary bridging.

Substantial crack deflection. as idealized to an extreme in Fig. 2(a). is
essential for developing interlocking fracture surfaces. Note how the degree of
interlocking, for constant fracture surface roughness. depends sensitively on the
long wavelength curvature of the crack-opening profile. Simple translation of
these rough inating surfaces in the direction of the crack-plane normal (Fig. 2(a))
does not lead to mechanical interference as does rotation about the crack tip or
crack opening accompanied by finite curvature. This observation suggests a
sensitivity of this crack-resistance mechanism to fracture-test geometry (discussed
more fully in the next section).

Several other factors which may act to impede fracture surface separation
include: ( l) the locally heterogeneous nature of ela.,stic strain on the grain scale: (2)
inhomogeneous shape and volume changes associated with localized release of
residual thermoelasticlelatic strain: (3) inelustic deformation: and (4) the block-
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Fig. 9. Interaction between fracture and large pore In alumina (VI) leads
to strong crack deflection and subsequent interface damage: (a)
reflected-light micrograph of crack trace and tip of pore on surface, (b)

! transmitted-light view of (a), (c) transmitted-light view 40 j~m below
i surface, (d) Interlace damage and debris production produced after one

additional mm of propagation (reflected light).

= age. by trapped specimen debris. or local fruct ure- interface segments undergoing
shear displacement.

Crack-tip deflection is not restricted to the scale of individual particles. If the
macrofracture "feels" • the influence'of microstructural features of larger scale
(e.g., clustering of ceramic particles in the glass-ceramics) or distributed features
of low volume-fraction (e.g.. dispersions of second-phase inclusions or processing
defects). crack deflection may occur on a larger scale. ."n example of crack/
microstructure interaction and deflection on a scale larger than individual particles
is shown in Fig. 9. The upper reflection micrograph fa) shows a fracture surface
trace in the coarse-grained alumina. This particular alumina contains a low-volume-
density dispersion of large pore-like processing detects up to 100 Ip.• The tip of
one of the preexisting volume defects intersects the sample surface approximately
80 j~m away from the trace of the arrested fracture tip (Fig. Wan). Figure 9(b)
shows the same field of view in transmitted light. By focussing 40 gsm below the
sample surface (Fig. 9(r)). one sees an abrupt localized deflection of the crack into
the main body of the approximately 50.q~m wide defect. Upon intrsecting the
massless, pore. the effective fracture-tip deflection has initntlv increased to a
150-tprn-wide lateral excursion. leading it) a signficunt perturbation in the fracture
surrace topography. Figure 9(d) illutrte, the ultimate result of thi,, Iraciurc-path
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Fig. 10. Development of twist-hackle fracture markings by addition of
mode-Ill load to initial tensile fracture (after 10-12).

deviation in a reflection micrograph of the surface after several additional
primary-crack extension increments. The extensive interface damage occurred
when the fracture tip was located I mm to the right of the local deflection site.

By all outward appearances, the interface damage was associated with
geometrical interlocking and subsequent friction-induced debris production. How-
ever, as mentioned earlier, it was not always possible to differentiate between the
two traction sources with complete certainty. Nevertheless. it is quite apparent that
localized deflection associ;hl-d with crack/microstructure-interaction can lead to
significant interface damage and additional consumption of fracture energy over
and above simple geometrical-deflection (apparent) toughening.

Llganm.ntary Bridge Formatlon
The brittle-materials fractography literature contains few references to

morphological features associated with frictional interlocking. There are, how-
ever, many references to the concept of ligamentary bridging. In the following, we
contrast examples of ligamentary bridge formation found in simple materials, such
as glass, with examples found in the relatively complex materials of the present
work. Using these comparisons, we argue that no new mechanisms are needed to
explain ligamentary bridge formation in the polycrystals. The mechanisms
previously identified in postmortem studies of simple material systems are still
active in the polycrystals: they are only more difficult to recognize because of the
complexity of the fracture morphology.

Table I lists several fracture-surface markings (hackle) associated with
ligamentary-bridge formation and rupture in simple naterial systems. (We exclude
from consideration hackle markings defined by the special dynamic-fracture
sequence of mirror, mist, and hackle.) The best known fracture marking
characteristic of applied-stress-induced ligamentary-bridge formation is "twist
hackle."'-3 This distinctive fracture morphology (Fig. 10) is produced when an
initially tensile fracture is split into parallel, offset, finger-like cracks upon
encountering a component of macroscopic antiplane (mode-Ill) shear stress. The
echelon array of segmented cracks is held together by adjoining intact ligaments
which trail behind the advancing fracture front and provide an increase in the
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TABLE I: LIGAMENTARY-BRIDGE FORMATION

CONTINUUM LEVEL
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resistance to fracture. Upon complete separation .the resultant fracture surface
markings. or traces of twist-hackle steps. are parallel to the direction of crack
propagation. The markings are so named because the fracture, upon encountering
the macroscopic mixed-mode stress field (generally a combination of modes -I.
-l1. and -1l1). "twists" into an orientation perpendicular to the new principal
tensile stress direction.

Examples of twist-hackle markings are found on a variety of scales. from the
surfaces of secondary (and lesser) twist-hackle-step markings on ruptured ligament-
ary bridges in laboratory samples of zlass 'u to kilometer-scale fractures in rock
formations of Earth s crust.?" As a corresponding example in the present
investigation. Fig. II illustrates macroscopic crack-plane segmentation in a
WLDCB specimen of fine-grained alumina initially subjected to a complex
mixed-mode stress field. The exact combination of mixed-mode loads in this
predominntl.v-tensile fracture experiment is not known- the nonuniformity re-
sulted from loading with a damaged wedge surface. Note the consistent left-
stepping of the crack traces in this example (crack tip is 5 mm to the right of
bridging site). The consistency indicates that the source volume of the mixed-
mode loading was at least as large as the volume encompassing the segmented-
crack array: i.e.. it indicates the remotely applied nature of the mixed-mode field
in the example of Fig. II.

With uniform applied load. both left-stepping and right-stepping individual
ligamentary bridges were observed (Figs. 5-7). The size of the ligaments ranged
from the subgrain to the multigrain scale. Bridges of microstructural particle
groups. because of their large size. often survive greater crack-opening displace-
ment than smaller bridging sites and hence remain intact for greater distances
behind the advancing crack tip. This makes them easier to detect than their
smaller, more numerous. counterparts closer to the crack tip.

After observing several multigrain ligamentary bridges (comprising tens of
grains) form and rupture in one ol the Iine-grained alumina (FF specimens using
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Fig. 11. Crack-plane segmentation In fine-grained alumina (FF)

subjected to unintentional, but repeatable, macroscopic mixed-mode.
loading. Consistent left-stepping crack traces interpreted as twist-hackle
fingers locally propagating normal to sample surface.

optical microscopy, the fractured surfaces were examined by SEM. The large
bridging sites left either a strong localized depression or a protrusion in the fracture
surface topography and were often associated with loosened specimen debris (Fig.
12). In addition, anomalously large fractured grains of alumina and'or spinel wcre
found near most of the large bridging sites, but these did not, in the examples of
Fig. 12. actually scrve as the ligaments themselves. A systematic relationship
between anomalous-particle position and ligament geometry has not yet been
established. At this time only their close spatial proximity and similar size are
noted. The preliminary interpretation of these observations is that the bridging
ligaments formed as a result of local mixed-mode interaction (in particular.
modes-I and -I1) between the stress field of the advancing fracture and the nearby
anomalous heterogeneity in the microstructurc. For bridging to occur in this
fashion. the mixed-mode field must maintain continuity over a volume it least as
large as the (initial) ligamentary bridge.

Another example of mixed-mode--stress-induced disruption of the crack
plane leading to interface traction was twice'observed when a fracture in the
coarse-grained alumina propagated between two large, closely spaced processing
defects without actually intersecting them (Fig. I I in Ref. ;3). As these events
were observed in the interior of the specimen. the 3-dimensional details of the
disruption which led to the interface traction activity are not clear. What is
apparent from these observations is the close association of the initial stress-field
interaction between the primary crack tip and a microstructural element exhibiting
an unusual stress boundary condition (large pore or anomalous grain) and
subsequent crack-interface traction activity.

Bridging ligaments in the glass-ceramics also were occasionally observed to
span a volume considerably in excess of a single microstructural particle (Fig. 8).
Anomalously large crystalline particles were not evident in the microstructure U%

147



Fig. 12. SEM micrographs of alumina fracture surface (FF) in vicinity of
large individual bridging sites (polished surfaces at top of figures). Initial
ligamentary bridge in (a) is marked by debris fragment consisting of
approximately ten grains. Partial ligamentary bridge (b) left as debris
fragment in local depression. Note anomalously large fractured grains
(aluminalspine) near bridging sites.

observed in the alumina. It is conceivable, though. that local inhomogeneous
mixing of the crystalline particles provides a larger-scale structure that plays some
role in developing large bridges.

Other large-to-intermediate ligaments in the glass-ceramics were observed to
form during, or immediately after, the incrementing of the load. usually following
long periods (hours to days) of sustained subcritical crack growth (also observed
to a lesser extent on the grain scale in the aluminas). Although possibly
attributable to subtle differences in the applied sti:ss field experienced by a crack
propagating under fixed-grip (fixed-displacement) vs increasing-load conditions.
the consistency of crack stepping expected with such load adjustment was not
observed. Of potential importance in explaining this observation is the shear stress
contributed to the crack tip field by the nearby interface tractions. Although
macroscopically the net mode-Il and -111 fields average to zero. the traction
sources close to the cracK tip provide strong contributions to all three fundamental
displacement modes (-. -Il. and .111). By opening the crack after propagating
tinder fixed-grip conditions, the various components of local crack-interface
traction are abruptly modified. giving rise to relatively sudden change in the local
mixed-mode field. Local segmentation may then occur in regions experiencing
appropriate components of mode.l and -111 stress.

Grain-scale bridging (Figs. 5 and 7) appears to contain the same element. that
lead to "wake hackle" or "inclusion hackle" formation in simple material
systems. These fracture markings form as lollows:iI ' =" t" Upon encountering a
heterogeneity (second-phase inclusion, anomalous grain. etc.) in an oferw ie
uniform ,materiul (lass., single crystals. very-line-grained ceramic. Ce.). a
macroscopic tensile fracture i% kK-all det'lec ed due to the perturbation olf the local
stress field andior the variation in tie local resiance to tracture. Localized
deflection arounid the particle boundary often result% in propagation along separate

148



A ~4

C

Fig. 13. Fracture lances (a-c). Remnants of trailing ligaments produced
In glass after fracture interacted with heterogeneous structure (local
propagation to left). Delicate, 3-dimensional lance structure (a) is subject
to Interface-localized microcrack damage (b, c) by frictional tractions.

noncoplanar segments. Merging of the split fracture front does not immediately
follow circumvention of the particle. Instead, the segments of the fracture
propagate in an offset, nearly parallel, fashion for a short distance. leaving a
trailing intact ligament (tail) adjacent to the heterogeneity.

The heterogeneity may or may not serve as a restraining ligament. For
example, the trailing ligament structure shown in Fig. 13(a) (known more
appropriately in the postmortem state as a hackle step or. in this particular case.
a fracture lance) t" was produced when a macroscopic mode-I crack in glass
encountered a scratch placed on the sample surface with a diamond scribe.
Interaction with this heterogeneous structure, i.e.. scribe-induced damage and
attendant residual stress, led to propagation along nearly parallel overlapping
crack segments (local propagation is to left in photo). Formation of a ligamentary
tail is accomplished without the piining effect of a "tough" inclusion. We also
note that the topographically-rough hackle-step features (lances) are susceptible to
further damage by geometrical interlocking and friction-induced microcracking
(Fig. 13(b) and (c)). particularly during slow crack growth or cyclic fatigue
conditions.)

It thus appears that the grain-scale ligamentary bridges observed are examples
of the polycrystalline form of the inclusiontwake-hackle phenomenon. Appropri-
ately situated grains, or combination of grains and other microstructural features.
provide the initial mixed-mode deflection conditions conducive to propagation on
locally noncoplanar segments. if fracture is predominantly intergranular. the offsct
and tcasionally overlapping segments are separated by individual grains which
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con~tltute the initial bridge. Subsequent tail formation is restri:tcd (or cnhan-cdi
by the adjacent microtruciural-scalc fracture propertics and btrc.s condiliionN.
This type of grain-scalc ligament formation and rupture has been .uge-c,,ed to I
responsible (or plumose structures found on large-scale fracture %urfaces t " %% ide
variety of polycrystallinc rocks.' The widespread occurrence of these fracture
.urface markings. cspecially well recognized in the field or structural ecology.
implies that this grain-scale source of crack-interface traction is commonpljzc in
these polycry talline materials.

Crack-plane segmentation on the subgrain scale (Table 1) is associated with
transgranular fracture in single crystals which readily split along cleavage planes.
When a cleavage-plane crack is subjected to applicd mode-I loading. it usually
propagates on multiple offset planar segments as a result of intersecting screw
dislocations. ". 11 Cleavage-plane scgmentation also occurs under applied mode-li
mode-III conditions, and when transgranular fractures in polycrystals encounter
grains or different orientation.' 9 Thc restraining effect of the cleavagc.l--lted
ligaments in single crystals has long been appreciated.' r t''

Influence of Interface Tractions on Macroscopic Fracture

To demonstrate how interfa'e tractions influence the macroscopic response of
fractures, we model the traction sources as point or line restraining forces acting
symmetrically across the fracture surfaces. In a fashion similar to the classical
"thin-zone" models of Dugdale and Barenblatt.' 9 we stan with a sharp.
two-dimensional, mathematically-flat. traction-free crack and then add to the
surfaces the counteracting net normal forces supplied by the tractions. Although
the crack-plane forces oppose the action of the applied loads, we do not require
them to cancel the singular field. The stress intensification experienced by the
primary crack tip is then expressed as

K(tip) = K(appl) + KA(trac) (I)

The K(appl) is the conventional applied stress-intensity factor, cTo,"/. where o,,
is the remotely applied tensile Stress and a is the primary-crack hlf-length. In this
particular application, Ka(trac) is negative, or resistive, and is determined by
integrating the restraining forces over the tractionzone length, r,. through the use
of an appropriate Green's function G(a.x). 21 Note that .r, increases from zero. for
a traction-free crack, to the steady-state value characteristic of zn equilibrium
traction-zone length. For convenience, we consider the restraining forces to be
continuously distributed and representable as stresses o,(.r.O), acting at a position
(x.0). The KA(trac) becomes

t0

K,(trac) = J ,G(a.x)o 1 (x.O)dx (2)

From the perspective of the e-perimcntalist who measures an R.curve (',,Vi7.a vs
Aa) we obtain

KAR(appl) = Klc(tip) + .fG(,)r'.(..)dt (3)
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%here KA(appl) is the value of KI(appl) needed to extend the crack and Kgc.(tipl is
an averaged grin-boundarytsinglc.crystal toughness. considered here to be an
inherent property of the material.

In describing an R-curve with Eq. (3). an increasijg resistance to fracture
with crack extension can be associated with an increase in Ki(trac) without an a
priori need to invoke changes in the fundanntal bond nipture processes
(detcribed by KItdtip)) acting at the advancing fracture front. The R-curve
mea'surements show that KI(trac) can be as great as four to five times Kc(tip) in
certain alumina ceramics." The magnitude of Kt(trac), of course, is dictated by
the magnitude of cr",. and cr,(x,0) is. in turn, governed by the density of traction
sites and the specifri restraiiing-forcefcrack.opening displacement relation devel-
oped at each traction site. The force-separation relation" akin to cohesive-force

la,.s" in atomic-scale fracture models.19

From the examples of bridging and interlocking shown in previous sections.
it is apparent that there is no single force-separation law at work on the
microstructural scale in any one material, For example, large ligamentary "'tiges
maintain restraining forces over larger crack-opening displacements than grain-
scale or subgrain-scalc bridges. However, for purposet of discussion, we consider
there to be a single "effective" or aweraged force-separation law specific to each
material, which accounts for all sources of traction. This allows us to describe the
average local restraining force according to the average local displacement (a',,
a($x)). Since the local crack-opening displacement is dependent upon both the
a plied K, and the integrated effect of the interface tractions, the traction-zone
length and force-displacement law are not independent. This leads to a nonlinear
singular integral equation for KA(trac), solvable only by numerical techniques. : ) A
quantitative solution is not pursued here. Some recent literature describes similar
cohesive-zone approaches to modelling fracture in rocks,2 4 concrete. s compos-
ites, 6 and ceramics. -' We use this approach not as a pragmatic way of
determining engineering toughness parameters, but as a simple analytical tool for
incorporating the effects of microstructure into the mechanics analysis-even if
only qualitatively-and assessing the response of macroscopic fractures.

In separating the mechanics into crack-tip and crack-flank terms (Eq. (3)).
the question of characterization uniqueness immediately comes to mind. By
admitting the existence of R-cur'e behavior, we have already given up the
standard one-parameter (Kjc(appl)) description of fracture. "Is there a unique KR
versus A relation?" To answer this. we must first appreciate the conditions under
which the single parameter K, is adequate for describing fracture at any crack
length. Conventional. engineering fracture mechanics philosophy dictates that
fracture toughness measurements be obtained from tests in which the influence of
specimen size and/or geom,.try is removed from the fracturing process. ' 8 so that
the toughness measurements are "valid" or material specific. Satisfaction of the
small-scale inelastic deformation requirement. or confinement of the material.
breakdown zone to a region which is small in comparison to pertinent specimen
dimensions (e.g...r/a < 2%). is nccessary for this condition.2X As long as .rI <
2%. the applied K, is taken to represent the intensity of the elastic field
sun'ounding the entire material-breakdown zone and the resulting toughnes,
measurements, for a give," crack length. are independent of sample geometry.

In the present experiments, ve have found several instances of grois viol ation
of the small-scale breakdown assumption (i.e.. r'a approaching 100%). Under
these conditions, the magnitude of Ktttrac) hecomes a strong function of the
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crack.opening profile produced by the paticular .Iexiicin tgcoinetry. 'rii%
influence can be accounted for if the crack-opening prolile. the i)rce.,paration
law and the appropriate G(x.c) are known, The measured R.cur'e. however. i%
-still inherently dependent upon specimen eonlctry.

Under small.scale breakdown conditions. where specimer.eo)metr, elffets
are absent. there is still another complication which makes the KH vs Aa curve
nonunique. This is the effect of crack.opening displacement history. Because the
act of surmounting interface tractions irreversibly consumes fracture energy. there
is no one-to-one relationship between crack.opening displacement and interfuce-
traction magnitude (i.e.. o,, is hysteretic). Consequently. even if the force.
separation law is known exactly, it is still necessary to know details of the
crack-opening history to determine KI(trac) and hence the driving force experi-
enced by the primary crack tip. This strongly suggests that the R.curve is not an
inherent property of these materials: in general. it is nonunique, depending upon
the extrinsic variables of crack length. crack-opening displacement and crack-
opening displacement history.

Without a quantitative measure of the force-separation relationship, the form
of the R-curve cannot be predicted quantitatively. even under monotonic loading
conditions. Nevertheless, it is instructive to formulate qualitative predictions of
macroscopic behavior based upon assumed forms of the force-sepiration law or
the resultant o,(x,0). In this fashion, we can reconcile the observation that each
of the materiali investigated exhibited crack-interface traction activity, but each
did not exhibit R-curve behavior. The exercise also emphasizes the importance of
determining force-separtion relationships quantitatively for different individual
traction sources and/or for material samples as a whole to establish "effective"
force-sepaation laws.

Two equilibrium crack-interface traction distributions are shown schemati-
cally in Fig. 14. The tractions are in equilibrium in the sense that the magnitude
of KI(trac) remains constant with crack extension. Other pertinent material
properties such as the intrinsic grain-scale toughness (Kc(tip)) and the density of
individual traction sites are taken to be identical, the only difference being the
functional form of the force-separation law associated with the unspecilied traction
source. The traction-zone lengths,. x, are identical, but the shielding provided b
material 8 is significantly greater than that provided by material A. Consequently.
material B exhibits a higher steady-state crack-growth resistance at the top of the
R-curve. Obviously, mere detection of long lengths of crack-interice traction
activity (Fig. 14) by itself does not imply significantly increased resistance to
fracture: there must be significant energy consumption. Two illustrative examples
from the microscopy experiments can be cited here.

The fine-grained aluminas exhibited traction activity persisting for roughly
equal distances (100-150 lAm) behind the crack tip. According to Cook et
one alumina (AD999) exhibits significantly greater R-curve behavior than the
other (FF). From the simple interface-traction fracture model (and assuming
everything else equal.. we would associate the AD999 and FF with traction
distributions B and A. respectively. Similarly. the mica and cordierite lass-
ceramics exhibited roughly equal traction-zone lengths for long cracks under
monotonic loading but one (MA) exhibits R-curve behavior and the other (PC)
does not. " ' Thus, the need for direct measurements of the force-displacement
relations associated with various traction sources is clear. Simple visual exami-
nation, as essential as it is. is not by itself sufficient for this task.

The interface-traction concept also provides a rational explanation for .tome
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Fig. 14. Two hypothetical interface-traction (ry,(x,0)) distributions
associated with different force-separation "laws.' (a) and (b) have
identical equilibrium traction-zone lengths, x1, but (b) exhibits much
stronger R-curve behavior than (a).

of the observed inconsistencies in fracture mechanics parameters used to describe
subcritical crack growth. It is well known that experimentally-determined "con-
stants" in the empirical relationship between applied stress-intensity factor and
crack velocity (%- - 'oK"') often depend upon specimen geometry andior
technique.3I Agreement between subcritical crack growth parameters obtained by
different methods or sample geon'-tries is found in only a select few, very
homogeneous. materials such as certain glasses, glass-ceramics. and some very
fine-grained (< 10 Am) polycrystalline ceramics.3" Pletka and Wiederhorn 3i have
suggested that this inconsistency is due in pan to increasing resistance to fracture
with crack extension.

Pletka and Wiederhorn 3l and others also note that when using the
double-torsion relaxation technique to determine v-K, data in many common
polycrystalline ceramics, the data often do not define a single v-K, relationship.
Similar observations of nonuniqueness in force-relaxation measurements (relax-
ation rate assumed proportional to crack extension rate) in polycrystals have been
noted by this author.Y3 Using nondestrctive testing techniques, the force
relaxation was shown to be produced not only by extension of the primary crack
but also by time-dependent adjustment of the interface tractions. 3 The above
observittions are consistent with the assumed crack-history and test-geometry
dependence of the interface-traction magnitude KA(trac).

Conclusions
In situ microscopy observations have been made of the stable crack-extension

process in six different alumina and glass-ceramics of varying R-curve character-
istics. No evidence of a diffuse cloud of microcracking distributed ahead of the
primary crack tip. as predicted by critical-principal-tensile-stress-based
microcrack models, was found in any of the materials using these techniques.
Localized microcracking was observed as far as 100-particle dimensions behind
the crack tip and was associated with overcoming crack-interface tractions.
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Craiek-inicrface tracttons were provided by (Il frictionail or gteomtetrical interlock-.
ing of the rough fracture surfriees and (2) liganmentary bridging by intact islands of
material left behind the advancing fracture front. The ligainentiry bridging
appears to represent the development of the polycrystalline form of twist.
inelusionlwakc. and cleavage hackie.

Through the use of simple fracture mechanics concepts. the mnacroscopic
fracture response was shown to be related to the rcstraining-force action of the
traction sources and the ex~trinsic variables of crack length. crick-opening
displacement. and crack-opening displacement history. Using this approach. the
interface-traction mechanism was shown to provide 2 rational explanation for both
R-curvc behavior and the inconsistency in subcritical crack growth data obscr'ed
for these materials.
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Effect of Heat Treatment on Crack-Resistance Curves in a
Liquld-Phase-Sintered Alumina

Stephen J. Bennison,* Helen M. Chan,*-' and Brian R. Lawn*
Ceromict Division. Nationol Institule of Standards and Technology. Gaithersburg. Maryland 20899

The effects of treat treatment on the R. interesting feature of the alumina data tergranular phase (HIT-3). A heating and
curve (crack.r"sistance) behavior of a collected by Cook ct at. is the tendency cooling rate of 250'C/h was used for all
commercial liquid.phasc.sintered for the R curves to cross each other. core- firings.
(LPS) alumina have been studied us. sponding to an inverse relationship The following specimen characteris.
ing the indentation-strength test. An between large-scale and small.scale tough- tics were determined: (1) the degree
enhancement of the R-curve charac- ness values (a result or special consc. of crystallinity and composition of the
erisaiceet of th e S alcumna isr- quence to wear resistance 1. Hence. in tntcrgranular phase. using transmissionteristic of (his LPS almina is ob evaluating the significance of toughness electron microscopy tTEM) and energy-taned by a treatment that increases "improvements." it is important to specify dispersive X.ray microsnalysis (X.ray
the scale of the microstructure. The the crack size rangc over which measure- EDS): (2) grain size, using scanning clcc.
enhanced R-curve characteristic leads mers are made. In this context, we note tron microscogy (SEM) with a lincal inter-
to the desirable property offlaw toler- that the previous studies"' or the effect of cept method: and (3) i.nsity. using the
ance, albeit at the expense of a dimin, heat treatment on toughness were gener- Archimedes method. The specimen char.
ished strength at small crack si:es. ally made at "large" crack sizes: i.e.. large acteristics resulting from the heat treat-
The implications of these findings are with respect to the scale of the microstruc- ments are included in Table I.
discussed with reference to processing ture. A complete assessment of the . The prospective tensile race of each
and design strategy. [Key words: alu. changes in mechanical properties requires specimen was diamond polished to a I-
mina, sintering, cracks, mechanical a determination of the entire R curve. A.m finish prior to mechanical testing.

Accordingly, the aim of the present Most of the disks were indented at theproperties, strength.] study was to investigate the effects of face centem with a Vickers diamond pyra.
microstructural changes resulting from mid at contact loads of 2 to 300 N. Inden.

SEVERAL workers have reported that the simple heat treatments on the R.curve tations were made through a piece of
toughness of liquid-phase-sintered behavior of a LPS alumina. We use the carbon paper to mark the contact sites.

(LPS) aluminas can be improved by suit. indentation-strength technique because of Some specimens were left unindented as
able heat treatments.' Those workers at. its special usefulness in the investigation controls. All indentations were made in air
tributed the changes to modification of of R-curve characteristics at small as well and the samples allowed to stand for
residual thermal expansion mismatch as large crack sizes.' 10 min. The biaxial strength tests were
stresses or to crystallization of the amor. EXPERIMENTAL PROCEDURE made using a flat circular punch. 4 nn in
phous lntergranular phase. Such claims diameter, on three-point support, 20 mm
deserve detailed attention because they A commercial LPS alumina' contain, in diameter." A small drop of silicone oil
open up the prospect of tailoring mechani- ing - 10 wt% (- 18 vol%) intergranular was placed on the indentations prior to
cal properties via simple heat treatments. second phase was chosen for the study. The testing, and failure times were kept below

Implicit in these previous studies, samples weie provided as disks. 25 mm 20 ms to minimize effects from static
however, is an assumption which is now in diameter and 2 mm thick, suitable for fatigue. Strength values were calculated
known to be restrictive; i.e., that the biaxial flexure testing. from the breaking loads and specimen
"toughness" is a single-valued material Heat treatments (HT) of the as- dimensions using hin.plate and beam for-
quantity. Reccntly it has been shown, us. received material were conducted in air mulas." 11 Care was taken to examine all
ing indentation-strengths ' and double- using a MoSi resistance furnace accord- specimens after they fractured to verify
cantilever-beaml' to techniques, that the ing to the schedules in Table 1. The aims the contact site as the origin of failure.
toughness of alumina (and other) ceramics of the heat treatments were to (1) vitrify Unsuccessful breaks were incorporated
is not generally single-valued, but tends to the second phase without changing the into the data pool for uninde.ted controls.
increse with increasing crack size (R- grain size (HT-l), (2) recrystallim. the in-
curve behavior). The extent of the in- tergranular phase without changing the RESULTS
crease is found to depend critically on the grain size (HT-2). and (3) increase the Figure I plots the results of the me.
microstructure, with the grain size and grain size with a controlled (vitrified) in- chanical tests of the various heat-treated
the nature of the intergranular phase the
apparent controlling parameters.

The form of the R curve has signifi-
cant implications for structural applica-
tions." In particular, flaw tolerance Table 1. Heat Treatments Used for Liquid-Phase-Sintered
becomes an important design factor. One Alumina and the Resulting Material Characteristics

Anneal temp. Time Giin size Density
Manuscnpt No 199178 Receciedl Aprl 22. 198. hienat M iW (AM) 11.1gm 1) Second phase

ppeoed September 20. 1988 As-received 4.2 3.61 A/C
Suppoted by the U.S, Air Force Office of ScAenC

,.r Research t' RsuhHT- 1 1600 8 4.8 3.63 A
Member. American Ceramic Sociciy. T- 160 8 4.8 3.63 A'Guesi scientist on leave from Lehigh Uiverniy. HT-2 1600 8 4.8 3.64 C

Bethlehem. PA. 18015 1200 48
'Present address Lehigh Uni.ersity. Beihlehem. HT-3 1600 196 24.2 3.60 A

PA 18015
1AD90. Coors Ceramics Co. Golden. CO 'A is amorphous and C is r)sitaline
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Inc - Note from thc dashed line in Fig. I that

700 - a ARthe ardP) response Of this control material
700T- deviates only slightly from he p - de.

9HT.1 pendence appropriate to a single.' alucd
40 -Ir. a'HT.2 toughness, i.e.. the R-curve churicter.a a HT.3istic fr this particular matertal is not

a pronounced.
Examine now the effects of chaniging

N.% Only the degree of crystallinity of the inter.
% %0 granular phase on the mechanical NWh~.

lot by referring to the data for the liT-I
NU !nd HT-2 natcrals. Analysis by TE.\1

100 LIP AluinaShows that the intcrgranular phases an
these two matrials arc, respectively.

_______________________________completely amorphous and predominanty
10" 100 101 to, 103crystalline. However. the o'.,P) data

Fig. I . Results of the nctsinscit ts.foalmnthdahdlnftfrtea-eevd
specimens subjected to the heat treatments in Table 1. Open material. Thus, in these two cases. thes)rnbols at left represent strength values for specimns that effo-. of heat treament on the R curve isbroke from natural flass Curves through data am fits to as- Insignificant.received (dished line) and HT.3 (solid line) materials-. note The effect or increased Staln size. ondata for lIT-I and HT.2 materials arc Indistinguishable from teOhrhni infcna enfothose of the as-rccsvtd. teohrhni infcn.a enfo

the solid line fit for the HT-3 material in
Fig. 1. Thse scalc-up in grain size. from
m4 to -24 pm, is readily apparent from a

comparison of the morphology for this
material in Fig. 2(B) with the correspond.aluminas. inert strength, a'.. versus in- the mierostructural characteristics illus. in& motphology for the as-received mate.denitation load. P. Each point on the plot trated in the SEM photograph In Fill. 2, rial in Fig. 2WA. The HT-3 materialrepresents the mean of at least 10 sped-. enable us to deduce the effect of the heat shows reduced strength at small indenta.mens per load. The standard devia3tion for treaimenu on the mechanical behavior. tion loads, with a distinctive plateau ineach point Is -I %. (Error bars are omit. The as-received material hats a grain the o'.(P) response in this region, and ated from the plot for clarity.) From the size of -4 Am, as shown in Fig. 2(A). countervailing Increas in strength at largefracture-mechanics analyses based on a The individual grains are surrounded by a indentation loads. This third heat treat-crack-lnterfacc bridging model.'" t ' the continuous second phase, which is par. ment hats led to a noticeably strongerflattening of the response may be inter- tially crystalline in form. All the classical R-curve behavior.preted as an enhancement of the R-curve features of a LPS material, such as wet-

characteristic. The curves through the data tins of grains, pockets of amorphous DISCUSSION
in the figure are best fits to the as-received phase, and facetted grain structures, are The above results lead us to an im-(dashed line) and HT-3 (solid line) mate- evident. Microanalysis indicates that the portant conclusion: the toughness proper.rials. respectively, from such analyses. intetgranular phase consists primarily of ties of ceramic materials can be modifiedThe results in Fig. 1.* in conjunction with silicates of calcia. magnesia, and alumina, by simple heat treatments. For the alumina

material studied here, the most significant
modifications were achieved by a treat-
ment that coarsened the microstructure (al.
though the possiblility of a contributing
effect resulting from some subtle change

(A)' In the grain-boundazy toughiness cannot be
entirely discounted). More generally, this
means that one may be able to adjust
properties of as-received ceramic compo.
nents before placement in servoce. In the

/ present case, the desirable feature of flaw
tolerance Is obtained at the expense of a
decreased strength in the region of small
crack sizes (balanced somewhat by an in-
creased strength at large crack sizes). An
en~anced R-curve characteristic may not.
however, always be beneficial, e.g.. in
applications in which maximum resistance
to microfrac tu re-control led wea-r and ero-
sion is a premium requirement."2 We need
also be aware that the toughness properties
of ceramic components exposed to thermal
cycles may change, for better or for worse

Fig, 2. S.E.M. photographs or a liquid -phase-sintered alumina for (A) as-received material and (agin, epviendn. nteaplcto)(B) lollowing heat treatment HT.3 designed to increase the graia size. These specimens were first duigsrcepolished, then thermally etched at 1500*C for I ht in air to reveal grain structure. (Pockets of inter- It is interesting to consider thc find.granular phase were removed by this preparation.) Noie the sixfold increase in grain size in the latter ings here in the context of the previow,material. Faceting of alumina grains is apparent in both micrographs, studies,"~ where no attempt was made it)
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Flaw tolerance in ceramics with rising crack
resistance characteristics

STEPHEN J. BENNISON', BRIAN R. LAWN
Ceramics Division. National Institute of Standards and Technology. Gaithersburg.
Maryland 20899. USA

The stabilizing influence of increasing toughness with crack size associated with a cumulative
* closure-stress process (R-curve. or T-curve) on the strength properties of brittle ceramic

materials h , analysed. Three strength -controlling flaw typei. are examined in quantitative detail:
microcrackt' with closure-stress history through both the initial formation and the extension in

* subsequent strength testing: microcracks with closure stresses active only during the sub-
sequent extension; spherical pores. Using a polycrystalline alumina with pronounced T-curve
behaviour as a case study, it is demonstrated that the strength is insensitive to a greater or
lesser extent on the initial size of the flaw. i.e. the material exhibits the quality of "flaw
tolerance". This insensitivity is particularly striking for the flaws with full closure-stress history.
with virtually total independence on initial size up to some 100 jam: for the flaws with only
post- evolutionary exposure to the closure elements the effect is less dramatic, but the strength
characteristics 3re nevertheless significantly more insensitive to initial flaw size ihan their
counterparts for materials with single-value toughnesses. The implications of these results to
engineering design methodologies, as expressed in conventional R-curve constructions, and to
processing strategies fotr tailoring materials with optimal crack resistance properties, are
discussed.

1. Introduction tolerawcC to the material, because it is the final, not
The mechanical characterization or ceramics con- the initial, size that determines the instability. Such
tinues to be based in large part on the traditional tolerance is of great benefit to the structural design~rF
notion of a sinile-valued crack resistance A. (or because ora tendency to increased reliability (increased
toughness. T)'. An explicit prediction of any theory of Weibull modulus 113. 14)) coupled with a reduced
strength based on invariant A is that failure should sensitivity to subsequent damage in service (7). It also
occur spontaneously from some pre-existent ("Grif- offers the attractive prospect of early detection by
fith") flaw when a critical applied stress is reached, non-destructive evaluation (11). Mlost importantly.
such that the strength varies inversely with the flaw perhaps. it reduces the onus on the ceramics processor
size. This prediction is the cornerstone of nearly all to fabricate full-dcnsity and defect-free materials.
non-destructive evaluation of structural ceramics. It One of the most useful methodologies for examining
has resulted in a strong movement toward a processing the influence of R-curve behaviour in the context of
philosophy of flaw elimination 11l-S1. in which system- flaw instability is that of indentation-strength testing.
atic efforts are made to remove all potentially severe where the strength. fl. is determined as a function or
flaws. It is. therefore. not diffcult to understand why indentation load.P[17.11. 121. The R.curve is manifest
**flaw sensitivity- has remained the most pervasive as a deviation or or. from the clussical P' -I depen-
concept in the entire theory of the strength of ceramics. dency for materials with fixed toughness to a distinctive

The recent realization that many ceramics display plateau at low indentation loads, fly deconvoluting
an increasing resistance with continued crack exten. the ty, (P) data set, the R-curve can be extracted [12).
sion [6]. so-called R-curvc (or T-curve) behaviour. For materials with strong R-curve characteristics the
requires that this philosophy be re-examined. Materials low-load plateau often appears to correspond to the
with significant R-curves do not fail spontaneously: strength for failure from processing defects (7). Despit.;
rather, the critical Ilaw first grows stably. often over a this demonstrated correspondence there is a wide-
conside'rable distance. before failure ensues [6-121., spread perception in the ceramics fracture mechanics
This enh,,inced stahility imparts a certain "ilaw 'oflmunity that indeintation flam~. by virtue of their

C(juoi Soimtin me frc~, ont the~ Ileparmni oil Stalaw k'r u v , de 1! ice Lc'high tL a''i.I'It,~a.P'nI'.unu t
UiSA
'Tlic qu.inialat' R miud I are inicteiana ble'uh. nlcj'uL tic I ug!bIIe%% Imil ,k'f.IiOt,. rd.Jtial i iii' (i ifitI i n~~f ratifu nw h.-.'ti b%
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Mal flAi populAtiOn: and. therefore. that Ihk kllter art Q4'w a- C 't1
MRn *Uh)&t to the stabilingi influence otine R-cutc. -- .=mQ~mi{= -

In thii Paper 'At ;emn the Clit ( R-4:urC0_
chtracteri'-tic% on thc strengh rc~pion~e for *4ftmc ll. c, .
dclincd natural Ila% t~jc%; Aarp mkr%%crac: lof win
vraiin-liccl dimn-nOns %ilh a full R-curiie hiseorq: the
same but withotut any A-curve history prior to exteni .. l.,lr
,ion: rcluti~cly largteicale proctssing pore. We us tU72 u

incnata3n.tregthdata on a specili-c oarst-trainen d
alumirla to oiblish the toulhnesis characteriotis. and
in~voke a basic R-curvt instability condition to defer- 10
mine the viariation of strength with initial flaw %ine for
the various flaw types in thii unit material. The A- -0-0 0 c
curvt mechanism in our selected material is idkntili-
able as Irain-localized bridging behind the crack tip
(9-12. IS): however, our statements concerning the
mechanics of flaw response Qil be of a general
nature. It will be shown that the natural flaw types do
indeed txhibit the same kind of tolerance as their O~k I of Ruce~n (aw 046WROMW it In hii w~
artificial indentation counterparts. In Arriving at this '~"~ kww (wit NO~u~ iuwvMo .1e. wtho ito N~iinj; in
conclusion we shIl dwell on some of the pitfalls that 001tWM10"A1 1 l Ae i% xv w klwlll anc'tasw'n -1
can arise from widely used A-curve constructions t1at c w r. pf~ritto Cixuwm. hat subec in Ttwrw~ i %uit'.*%4uwni
represent the flaw size AS a negative itceptK Of the ~~CIt* r 4.* IQi grm $"*%'11 -ittifv in C"kwhn, 4 :..
applied loading function on the crack-size coordinate. Squam iftffu bedpq ains NW.. itim ralion .1. A~iud

tuam awe aaved Stidps pon iqti aft poientiaI lit4.

2. Fracture mecne-iles for flown In
materials with T-.carve a mechanism idenitified as pertinent to a wide range of
characteristics nort-transforming ceramics 19. IS.L

2.1. General conditions for crack equilibrium
and stability 2.2. Microcracks with full T-curve history

We begin by defining a general net stress intensity Consider first a sharp-crack flaw whose inception and
factor. K. for a uniformly stressed equilibrium crack subsequent evolution takes place entirely in the inter.
in a material with R-curve characteristics (6). We racial closure-stress field responsible for the T-curve.
write it as the sum of two terms. an externl uniform Fig. I u. This might be expected to bezi most common
applied stress term. X.. aMd an internal micro- state for microcracks with histories unfavourable to
structure-associated closure stress term. K, the relaxation or destruction of the attendant bridging

celements: e.g. flaws developed during the final stuges
X() - K.(c + K,10) - T. (IN) of. or even after, processing. We seek to characterize

where T,, is an intrinsic toughness. and c is the crack the response of this flaw type in a subsequent strength
lengh. r. aterativly.test, and thence to determine the dependence of the
lengh. r. aterativlystrength on the "initial" (pre-test) microcrack size. g-,..

K,0- T. + Tcr - 7) (I b) Start with the applied stress term. K,. For a tiaw%
normal to the applied tensile stress this term has the

where T = K, may be regarded as a positive con- familiar dependence on the crack size. e(61
tribution to the toughness. With this definition of a net K( fP C; i 3
ioushress. T (the stress intensity equivalent. K, = . X)-4v, c~c, 3
of the resistance term misociated with the mechanical where 0' is a geometrical constant (.s 2-S, -, for penny
energy release rate. G, ta A). w~e adopt the ierm -7'- cracks).
curve* to describe the siie~depcnident resistance The K, term is derived from the mechanics of crack-
characteristic, interface bridging for penny-shaped cracks [12). As

Consider now the condition for instability (6). For the crack begins to extend from t initial Rlaw. bridg-
T =constant we require the condition ing elements are activated over the entire area of the

d~id t (20 crack beyond intersection with the first bridige at
dA'%de 0 (2 v - el. i.e. over moit of tbe initial, as well asazll of the

to hL -atilifid in Eqluation la. or. equivalently. suh.etluent area regardkesi or the value of c, The
dk~d ;? d~(- 2h) attendant restraint %atabilies the crack growth. The
dA' 4dr drd 2b build-up or interfacial surfiice traction prevails until.

in I'ltiiaaion Ihf. This lIater i% tN: tangency condition it. at a crack si/e v = c.. the bridges furthernio-o I%
the fiiilar R-etirve constructioaa. the advancing tip h-giito rupiture. at %4 bach r .. k

We- now cotisiict the inicroa echanics of 11flaire fotr bridgje configurationa tra-l %%til tile tip iii %wt1d
three dill..rent ldi typv, ill a niaterial with 77cuur~e taie. lkIX-ataitin ol'the K, lerin alacreh% in~t ttl~e t

tite i gran.ocalt/ed hr~lging il tle crack interI'.4-. Pnlton of tile 1a1(iaill (Cointl tll) .ii~ g Iili I



stross.-puration function for the bridging clcrcm1b craock - divp-Iw ,:oi *0,:rkt ri MIIIscL forcs .ire
within 41 v 4 r . 1101. Blecause this- bridling tcrm is the momt co'.' i~i~~~~ or prtwo-ong in
negative. we adopt the 7. nottion or Equation lb. %%htch full density is mit ra~c
thus I 121 Tht si~ tresi term fmi the prr is no longer of

fe(c < 11) (4 the simple form ,-ivcn in F-403601% 3. Note that the
true crack site in this ca_. i not ibut v' -'k. The

lc) IT ( T O consequent reduction in clrecw ti 4 co of the poirc it% is

X W I .r-.)'ij-t:~: strength.4kgroding Rlaw is ncetcd nicvihat h a41 ~stresscoricentrating capacity. Accordingly. K tt ;t
(it < r < r.) (Jb) modified as follows

T. T - TA. (c > r.) (Je) A #v) - ho' :1-06. 4.1 it- ;I k)

with T;, the sitody-statt value or T. where the modifying function MkA oi is (161 (icglecting
Let us emphasize that the derivation~ or this par. free surface effects at r - bh)

iula mration. or evenl the idlentification of bridling fANAc - 0I + h" 01 It + (I 2Xh. 4.)
as the . ,ular T-curve mechanism. ame not issues
here: we use Equation 4 only as a formula ror rep. + (3 (7 - Sr)1(A, rl.
resenting the experimentally MIe-emined reults for (v ;t (7)
our chosen alumina test matmrial. Any other analytical
expression that fits the T-ctarve data would serve with r' Poisson's ratio. Note that at r k'. 1~f- .as
equally well to demonstrate the tolerance factor in the required for Equation 7 to restore to Equation 3. As
strength characteristics. c decreases toward N. on the other hand.f becomes

increasingly greater than unity, indicative or the
2.3. Microcracks without full T-curve history stress-concentrator, effect. Again. therm art more
Now consider our second microcrack-type flaw, of the sophisticated expressions forf(riA.). tt tnc numerical
same initial size, c,,' but without any (pretst) history accuracy of Equation 7 is not central to our argument.
or interfacial bridging, Fig. l b. Such could be the cast For the microstrucrture-assodistcd K,(r) term we
if bridges were never to be given the chance to form in may retain Equation 5 abov as ror wiicroc racks with-
the first place (e.g. flaws associated with incomplete out T-curve history, but with N replacing vc. (again in
densification at an early stage or sintering. grain. the approximation or ntgiibie fret surface efrects at
boundary triple points). or if any post-fabrication c - h.)
mechanical. thermal or chemical interaction were to T()- 0. (c < b, + 0a().
destroy existing (i.e. post-evolutionary) bridges.

The applied stress term. Kj(c). is identical to that of 7',.(c - (,- To)(l - (I - f(h. + r.)
Equation 3. However. the microstructure-associsted x+ i)db+c.), (,+t4
7,(r) term differs slightly from Equation 4. by virtue (c- +t0)IA+C)? ( + )1?)*
orfthe fact that the briding stresses are opeativi only (k~ + it < r <c N + r.) (8b)
over the area of the extended (not the initial) crack. In ,c -T,-Z.(>b,+r) (8
this cost the T-curve is displaced along the c-axis. 1f)- -T.( d+c) (c
corresponding to integration or the stress-separation so that initial flaw size is again a factor. Again. we note
function for the bridging elements between c. + d 1i that the function T0.(Ac). where Ac m c - A1. is not
C 4 co +C. [10J. The expressions ror T. may thus be invariant.
obtained by replacingditin Equation 4 with ce + itand
C' by c. + v. 3. Calculation of strenigth - flow-size

7,(c) - 0. (c < co + a)S) relations: case study on a
polycrystalline alumina

TO- (T' - TA)( - 0I -{((eO + C.) 3.1. A model alumina material
(ci- -(o+U"lda C) (O+hl ) Let us now investigate the above formulations for an

+ 1~deo c* ) (e + '1 ~ alumina with relatively pronounced T-curve (R-curve)
(col + dt < c < c + r.) (Sb) characteristics associated with the bridging mechian-

Tv)- T, - T11. (c* > v. + r) (5c0 ism. The appropriate parameters needed in order to
7,(t)specify T, in Equation 3 for this material have been

which now explicitly involves flaw size. it,. We emphia. evaluated from the indentation-strength. irm(P). data
size here that this T-curvc displacement is not cquiv- shown in Fig. 2 9121. We note the distinct plateau
ulknt to a simple shirt in origin along the r-axis: i.e. the in thewe data, indicative of the strong T-curve influ-
function T,(Ae). where Ar - - c,,. is not invariant. ence referred to earlier. This plateau corresponds

close~y to the strength level for breaks from natia-
2.4. Crack extension from pores rid flaws (including uraindented specimens. and inden-
For our third Ilaw type. consider a sphcricul pore or' ted specimens whose failures did not originate at
radius h,. from which annular microcracks extend on the contact site). The material is polycrystalline with
a diamectral plane normnal to the sUhSequently applied -in average grain si/c 201ini (Vistal gr, le. yraa
tensile lield. F~ig. Ic. The tacrminology 1a, is adopled %i/c 201tim. < 0.10t4 impurity. Coors Ceramics C'o..
here to distingishi~ this kind of defect f'rom a sliarp Colorado). It has a strong tendency to intergranuilar



- ~ large zone kngthi (c - A1 over which the stabihizing

mI W"ib 000 effect of the restraining forces can he realized in non-
transforming ceramics.

a40 3.2. Microcracks: full T-curve history
Consider first the Tcurve con-truction for microcrack-
like flaws with full T-curve history. Fig. 4. In this caseI the 710 function. Equation 4. is independent of initial

5 200 flaw sine. c. The actual critical condition for failure.
Eqain2b. corresponding to the tantency condition

a,- tr., w IT, in the diagram. also shows an indtpcil-
dence on co. but only within the size range cO ,

to,, 06 11 101 103 irst popsin" ntbyt the intersectionponalg
10 10 tO 10the -loading line" at a, -, a. on the rising branch of

dS~in~~.P(Wlthe 7'-curve. and thereafter grows stably up the curve
1P&"1ISiO"4M.3Weflh data r" poI4rqUaiii" 31in until the critical unstable configuration c - r. int

ii'ront I"71i Datia pxints mr nitins and m~r ikciatifs ro is reached at a, - - u (superscript P denoting
Ibt'JAt1-a tn&knItI(M AIIS (Oftid at difttft I,118 CWAic k plateau value). This may be regarded as ain "activated"
~at k6i 1,; sirtnih W~ bmaks from narata ltiis Cetc lhtO~jgh A, instability. For ra < %-I the instability condition
I% lit uxd to~ MomhIic aiae - a. occurs at a higher applied stress level. e.g. tr,:

conversely, for c. > c; at lower a, e~g, U.. or frot very
fracture 11. so that the intrinskc oughiress. 7To, Wdent- large rI) el. In these latter cases the instability is
iits with the grain-boundary fracture resistance. The ~spontaneous". With such a construction we can deter-
specimens were broken in-their as-fired state, so that mine (at least numerically) the functional dependence
extrinsic machining or polishing flaws might be of s.n on c. over as wide a range of flaw size as we
avoided. However. they contain some iradily observ- pleaise.
able processing defects. microcracks up to So0pm long
(:t 2 to 3 #rain facet lengths) and occsionAl large pores 3.3. Mlcrocracks: no previous T-curve history
up to 100 jam radius. examples of which are shown in Consider next the construction ror the same micro-
Fig. 3. These defects have been identified as thr failure crack-like flaws, but without T-curve history. As indi-
sites for breaks of unindenitd specimens (or. *i low cattd above. the influence .af initial flaw size e" is now
contact loads, of some indented specimens). manifest as a shift in the 71c) function. Equation 5.

Accordingly, we plot the applied stress X,(.) func- along the c-axis. without any effect on the A'j(c) func-
tion and equilibrium 71c) f'inction of Equation, I hifor tion. We plot 71c) for r. = 0 (i.e. equivalent to flu%%
the three flaw types. in Figs 4 to 6. The crack cor. with full T-curve history, Equation 4). 50pm (corre-
dinute is plotted as O,~in these figures so that X,(r') for' sponding to the approximate microcrack size actually
the microcruck-type flaws might be represented in the observed. Section 3.1) and 500pm (an extreme vulue
usual way as straight lines with slope proportional to approaching "macroscopic" crack dimensions) in
upplied stress. The Tcurves have the came form for Fig. 5. We include K,(r) loading lines only at the
each of the different flaw types. with lateral displac- tangenicy configurations. Note now that even within
ments along the abscissa depending on the effective the flaw size range 4~ 4 ra1 ( a condition always
initial flaw size. The range in c over which the T-curve well satisfied for the SO and 500pmn flaws represented
rises for this alumina may be taken as a measure of the in Fig. 5) this tangency configuration is not independent
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Ftvw~r J T-cur~t %%laiiton for alusnina malowl in Fos. 2: nto firwe A At for fit. 5. but for pom~ of tia, u 50sA R.nd5'pm

"k~ fwill full T-,:uti hh1or). Lifts 1. 1.1~. A comfsIpoqd to Mii1 cunts from Equation .L A,ci curm~ from Equations A land 7.
onrmtungj o% n K.ItI funiction. Eqoaiion I. no function from Not drOai'oot of A~Ktlo r' dipdetAt Idatimil lono at
E4UAtion 4 Using p~rhMtarr riaiv.4 frMM Fig. (r N .73t Ma mnali r. oth koo cut-ollat r - k. INosli also that rand K, crwik
mn '.T. - 44O.aini:.d - 40iontr, = 4m1pll.11Tapaq f ionItsuta l loiy at r 0 k (or th dmcu
CMAMMo 3t CUarCe dtfin *tftnqhe 0, " ,, a V!OMNa for *iVAS
'iAlh 11n1t1al Aft In Mgut C. IC C.* ror b. - 50 and Wp0;m in Fit. 6 (cr. flow sires in

Section 3.3): for X,(c) we include plots for equivalent
of r.: i.e. the slope or the K8(r) line. which determines cracks. A,-ris in Equation 3.;j the dashed lines. The
tr, ir. differs from curve to curve. Nevenheless modifying effect or the effective reduction in crack
not only is the failure still activated, but the stable length (from r' to c - A.) asstciated with the pore is
growth stage prior to fia:al Instability is actuolly apparent as a pronounced deviation below a linear
enhanced (the tangen~cy point lies rurther' up the T- K1(c) plot, with cut-off at small crack extensions.
curve at the two larger values orf.). Accordingly. the However, the stabilizng effect or the T-curve is su-
tolerance characteristic imparted by the T-curve will ficiently strong that this modification has little notice-
be mar rrom lost. epi~ally where the range or the able influence on the tangency condition. except at
T-curv greatly eccetds the range or flaw sizes, as is unusually large pore sizes (such as the 500 ism pore in
the case for our material in Fig. S. Again. it is a Fig. 6). Again, the tangency configuration depends on
straightforward matter to determine the functional the size or the history-dependent flaw. Note that for
dependence of a. on r. fromi this construction. this tangency condition to represent the strength con-

figuration it is necessary only that the pore should be
3.4. Pores circumscribed by a pre-existent annular starter crack.
Finally, consider the construction for the pore-like Ac. a few micrometres in dimension (i.e. considerably
flaws. Now both the 7k) function. Equation 8. and less than a grain facet length in cur material), such
the K,(c) function. Equations 6 and 7. are dependent that the requirement r.' r h, + r 4 C; (cf. Fig. 4) is
on the initial flaw size. N1. We plot these two functions

Craek Siles: c (jm)

0 100 No M I

0o 10 13 o

CV, lutinromick,1%. I~. for iresi liraluimu nicrm.l In Fit. 2, A. imet.
Square Root Crack Sine. ck(pm n) c.rack, %%il full I-trme hlot'r. Ht. nitcrticracki%,Aah 7.curw. nilti
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--atited In the incrct of conwr .itie de&;n we dcial the CAC of llt: 1-M inWINI1,111 r;inge ,..
wi;th div.% -,or,.t case" in Sction .1.5 M~o%%. tl~ig. 41. Thu% iAhcr.i,, matn niartma pro~ccvor% wcl

tIt optiniic o 1l the m1agnitud T. 7... it i apparent
3.5. Strength data thait the rane i . d ma he aIt lcat a% i11portant
1-ig. 7 is tih result;int plot oft th1 %ircfngth ,IpIIn1%I The t.pc ol' con-truc;;on tepic ed in Vig% 4 tit 6 I
initial t1,1%i ti. .,or A,,. lhichccr i% ,ippropria:,, f(r Jt o n e ,eral po ,hie %,%. (61 o're rcr,nti1 g the
the three f1,1u tp.s dlhucd aho1c. indicated it% 7"cur c influence kn fl.o% mechanics One comllnonli
cur s A. B and C. rcspectivel. It is e ident that ti e u'cd. alternatihe construction warrants special mein-
,tabili/ing influence of the T-curve has produced sig. 11on. be.ause orlan unwitting tendenc for %%orlker, in
nilicant f1mi tolerance ocr the site range 10 to 100iam the ceramic% ield to regard it% scope of application ,i,
Iencompaming the range othered in our alumina universal. We refer to the construction in %%hich ho.;h
material. Section 3.1). een if somchat less pro. Tand K, are plotted ai, function ofcrack emenmon.
nounctd in B and C %here bridging is not operative Ac - 4 - ; (or. for porei. It - r - b.J. instead if
over the initial length. To put these results in perpe absolute crack sie. t I 17. In that scheme a chance in
tive. \%e may compare with the strength characteristics flaw size is represented as a shift in the intercept o' the
for a hypothetical ceramic with the same material KA(.r) load line along the negative Arc coordinate.
constants as our alumina but without T-curve influ. with an invarint T- or R-curve fixed at some origin
ence over any of the crack area. extended as well as along the abscissa. Such a construction might at first
initial: these characteristics are obtained here by sight appear to be equivalent to that shown in Fit. S
repeating the calculations for sharp microcracks it (and 6) for defects without T-curve history over
T. - 0 (i.e. with a toughness T - 7.) and are plotted their initial area: there we simply displaced the origin
as curve D in Fig. 7. of T instead of K. However. we recall from Sections

2.3 (and 2.4) that the function T (Ar) (inserting
4. Discusison c - &" + ra in Equation S. or c - c + h in
It has been shown that different flaw types in materials Equation 8) is noi invariant with CO (or ho): i.e. the
with pronounced T-curve (R-curve) characteristics shape of the T-curve depends on the initial flaw size.
exhibit the quality of "tolerance" in their associated The alternative construction is even more inapplicable
strength behaviour. to a greter or lesser extent to flaws with full T-curve history, such as the micro-
depending on history and geometry. The greatest crack system in Fig. 4. where the relative locations of
effect is predicted for those flaws that experience the TandKo origins are fixed regardless of cl. For this
enhanced resistance over their entire area. initial as last flaw type. constructions that shift the relative K,
well as extended. A smaller, but by no means insignifi. origin will inevitably lead to a significant underestimate
cant, effect is predicted for those flaws that experience of the tolerance level (e.g. will predict a curve closer to
rtsistance over only their extended area. Thi3 latter B than to A in Fig. 7). It is clear that considerable care
point runs counter to traditional thought in the needs to be exercised in drawing conclusions regarding
ceramics community where it is presumed that certain strength characteristics from the traditional R/-ur e
flaws. panicularly processing derfects. are inevitably representations.
susceptible to spontaneous failure from their initial We have seen that the tolerance properties of a
configuration. Our rtsults would sulgest that in such material with T-curve behaviour depend strongly on
T-curve materials as the alumina represented in Fig. 7. the flaw type. This dependence may be usJfully
the improvements in strength pined by eliminating explored in the indentation-strength test. by exami-
processing flaws much smaller than 100pm (corre. ning the data set in the low-load region. Thus we note
sponding to a few bridge spacings) are likely to be for our alumina material in Fig. 2 that the C4.(P) data
minimal. tend asymptotically to the strength level for breaks

We have considered just one material (polycrystal- from natural flaws: and. moreover, that this level
line alumina), and just one mechanism (bridging). but itself corresponds (within experimental scatter) to the
the conclusions carry over to any material and any plateau value a. in Fig. 7 for microcrack-type flays
mechanism. It is the form, not the origin, of the T- with full T-curve history. We conclude that the domi-
curve that determines the scale of the effect. (We have nant natural flaws in our alumina must have evolved
recently refined the detailed form of the T-curve for within the (bridging) T-curve field. and are therefore
bridging materials given in Equation 4. but these most likely to be the Irain.facet microcracks of the kind
refinements in no way change the substance of our shown in Fig. 3a. There is indeed evidence from iii im
conclusions here.) Note that there are two featurems of observations of polished alumina surfaces that such
the T-curve that need to he maximized for optimum microcracks arc the most prevalent source of natural
tolrance. the magnitude T, - T,,. and the range failures [7. 18). That the ty,(P) plot for the indentation
v. - d. For the alumina considered here the mag- flaws is asymptotic to rather than coincident %%ith tile
nitude is modest. T, TT, :t 2 to 3. but the range is 61,a plateau is attributable to an additional drMiq!
relatively large. c,;d % 10 (i.e. some tens of grain forcv, propo)rtional to P. associated with residual con-
diaileters). It is interesting to reflect that whereas tact stresses (7. 10-121. [:or flaws without completeI
1mot theoretical treatments ito T-curve beha. tour T-cur~c h1-lor.. e.e. the pore% in Fig. lh. tile atlentllai
lwt.u.,ilmot e,. lths1%cilv o1n tihe f'ormer. it is the latter reduction in strength %:,iule% mll maiukdi1'w'I aiIf .
hiat Io the ke\ contributing fa i't r to the tolerance in cut.ofl inl the a,,,( I' plot ti the lim-load lv-egioi 'I l,
m niatleihl. It% i irtic ofit% controlliing inil11nte til ilnih'lle% Ihat %ti h de ec% , lt Ilot preelt iii .11111 Ik lit



num~tIr 4YA %rmlcn% to kiV.,r the w a n %trenrth% .)if* %Md 14 1 IMIN mwn' I % %s% 0I.1.I (M
our aluminat %ijnilicmntl%. hut there urt: rcp~rtcd dlatai 1"1

% %Ik % A I I (I) 1 1) 141ItIIA%1 I"~J K k I-roir %everaI tither ccruiiics without strong T-cur~c 1) %1 1 %oot %1 147
6haracri'4,,s tincludinS alumliflis) that e~hilitt . h It V I % k A~ T %t I IK .N 1 Kt I II J Ietsrr (.'d.'

%trong cut-oir lichaioiur 171 It aN thcs. luticr dklxt %o# 74 1I4x.01511A

ir'w thait rk"4 the Vrcantcst tlircat to Jcgradautin of 11 N I %I '4t1W It 9 1 111# No Iurne Rciih 16
sirciighI I'M*i 41

Itc~zhprprk I' (00K It It I %W% an I-%,Nk
in voncdusion. Ilaw insensitivity is ~a natura:l consk- j I.r (ot .w " 61111111031"$4

4uvnsx or T-curve hhviour. The degree or inx~nn-i- X It W ?iTI 1%1110 ( i. Kt k',lI %- mJ~ 'A %t 11I%
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ABSTRACT

A grain-bridging model of crack-resistance or toughness (R-curve, or T-

curve) properties of nontransforming ceramics is developed. A key new feature

of the fracture mechanics treatment is the inclusion of internal residual

(thermal expansion mismatch) stresses in the constitutive stress-separation

relation for pullout of interlocking grains from an embedding matrix. These

internal stresses play a controlling role in the toughness properties by

determining the scale of frictional tractions at the sliding grain-matrix

interface. By providing a physical account of the underlying micromechanics

of the bridging process the analysis allows for predetermination of the

material factors in the constitutive relation, thereby reducing parametric

adjustments necessary in fitting the theoretical toughness curve to

experimental data. The applicability of the model is illustrated in a case

study on indentation-strength data for a "reference" polycrystalline alumina

with particularly strong T-curve characteristics. From theoretical fits to

these data the constitutive relation, and thence the entire T-curve, can be

deconvoluted. This "parametric calibration", apart from demonstrating the

plausibility of the model, allows for quantitative predictions as to how the

toughness and strength characteristics of ceramics depend on such

microstructural variables as grain size and shape, grain boundary energy,

level of internal stress and sliding friction coefficient. An indication of

this predictive capacity is provided by a preliminary calculation of the

grain-size dependence of strength, using some existing data for other aluminas

as a basis for comparison.
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1. INTRIODUGTION

Much recent attention has been paid to the phenomenon of a systematically

increasing fracture resistance with crack extension in ceramics (R-curve, or

T-curve). In nontransforming ceramics I the mgnit~de of this increase can be

respectable, i.e. in excess of a factor of three, depending on the

microstructure (1-12). The range of extension over which the increase can

occur is perhaps even more impressive, amounting in some instances to some

hundreds of grain dimensions. The R-curve has a stabilising influence on

crack growth, strikingly manifested in strength properties as a tendency to

flaw insensitivity (13]: hence "flaw tolerance", a concept with especially

strong appeal to those concerned with structural design.

This flaw tolerance is especially well demonstrated in indentation-

strength tests (3,4,9), where Vickers indentations are used to introduce

controlled starter flaws into the surfaces of strength specimens. At

decreasing indentation load the strength deviates away from the (logarithmic

-1/3) dependence of strength on indentation load predicted for materials with

single-valued toughness, and tends instead toward a well-defined plateau.

Such plateaus have been reported in a wide range of ceramic materials (3,91,

indicating a certain gener.'ity in the R-curve phenomenology. Moreover, these

plateaus, where they are pronounced, tend to the strengths for failures from

processing defects. Thus the indentation-strength test provides R-curve

information in the crack-size domain most pertinent to designers, i.e. the

domain of natural flaws.

As distinct from transformin ceramics (zirconia). The significant
increases in toughening in this latter class of material are
relatively well documented and understood.
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There is now a weight of direct evidence demonstrating that the principal

mechanism of rising crack resistance behaviour in nontransforming ceramics is

grain-localised bridging at the crack interface behind the advancing tip

(4,5,7,10). In particular, it is observed that frictional tractions

associated with the pullout of interlocking grains can restrain the crack

opening for large distances (up to several mm in some aluminas) behind the

tip, thereby accounting for the range of the R-curve. A traditional

preoccupation of ceramics fracture analysts with post-mortem fractographic

observations had long precluded identification of this mechanism: the very

act of failure destroys the bridges. It is only recently, as a result of In

" crack extension observations made d the stressing to failure, that

the bridging mechanism has become clear. Again, the mechanism appears to be

common to a wide range of ceramics, especially noncubic ceramics that fail by

intergranular failure.

Theoretical descriptions of the bridging mechanism are in their infancy.

Mai & Lawn (13] presented a model based on a distribution of closure tractions

across the crack walls. This distribution gives rise to a "microstructural"

stress intensity factor, which augments the stress intensity factor associated

with the applied loading. Since this ricrostructural stress intensity factor

is negative it can be regarded as part of the toughness/crack-size function,

T(c); thence the R-curve (or, more strictly, T-curve). Key to the

theoretical development is the specification of a constitutive stress-

separation function defining the physical restraint exerted by individual

bridges. In this regard the approach of Mai & Lawn was phenomenological;

they recognised the need for an extensive functional "tail" to account for the

large traction zone behind the crack tip, but adopted an empirical inverse
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relation to describe it. Their empirical function contains the necessary

ingredients for a macroscopic description of the failure mechanics, allowing

for, among other things, a deconvolution of indentation-strength data to

obtain the T-curve (9]. However, while there is soma precedent in the

concrete literature for tail-dominated relations (14), the empirical approach

precludes a fundamental understanding of: the underlying m&terial aspects of

the phenomenon. What elements of the microstructure control the restraining

tractionls, and how might we adjust these elements to optimise the R-curve

charActeristics?

In this paper we set out to answer such questions by incorporating a

stress-separation funrtion based on a specific physical mechanism of grain

pullout for noncubic materials. We consider the bridging grains to be

"locked" into the "matrix" on either sid-% of the crack interface by internal

thermal exansion mismatch stssasj. Thei resistance to pullout then derives

primarily from Coulomb friction at the sliding matrix-grain interface. In

this sense the mechanism is analogous to that of fibre pullout in ceramic

composites. Indeed, we shall borrow from established fracture mechanics

descriptions for composites in our own formulations. We are led to consider

internal stresses as an important factor for two reasons: first, because of

an apparent diminishing of the T-curve behaviour with addition of

intergranular phases in alumina ceramics, the second phase presumably acting

to relax the stress buildup during the processing [3,4]: second, because the

T-curve effect has been observed in noncubic, but not cubic, ferroelectric

ceramics (viz. barium titanate below and above the Curie temperature [3]). We

emphasise at the outset that these internal stresses enter the T-curve

analysis only via their influence on the micromechanics of bridging and not
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via Any direct interaction with the field of the advancing tip; we shall

argue that the latter possibility, considered as a potential source of

toughness variation in the earlier iiterature 115), cannot account for the

scale of the T-curve observed in the materials to be investigated here.

Our goal is to formulate a theory for quantifying the roli of such

microstructural parameters as size, shape and spacing of bridging grains,

grain boundary inergy and intergranular sliding friction coefficient, on the

strength proporties of ceramics. To illustrate the formalism we fit our

toughness equations to some data from previous indentation-strength tests on

an alumina with particularly strong T-curve characteristics. With the results

of this fit we then make some preliminary predictions of the scrength/grain-

size dependence. The ultimate hope is that such an approach might be used to

establish a theoretical base for a processing strategy that allows for

optimis*tion of strength properties of cerAmics for specific applications.

2. MICROMECHANICS OF FORCE-SEPARATION FUNCTION FOR INTERLOCKING GRAINS WITH

INTERNAL-STRESS-MODIFIED FRICTIONALTRCION

2.1 Geometrical Factors and Internal Stresses

An important element of our model is the geometrical configuratI.A of

interlocking grains at the crack interface, and the role of local residual

internal stresses in determining subsequent frictional restraints as these

grains are progressively disengaged from the crack walls. Such stresses were

first discussed in the context of grain bridging by Swain [16]. Hlowever,
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Swain confined his attention to estimates of the spatial extent of the T-

curve, without any considerAtion of the shape or height of this curve.

Co:tsidor first thermal expansion mismatch stresses normal to the

separation plane along which the crack is to propagate. These internal

stresses arise from crystallographic anisotropy of individual grains within

the material microstructure. They are gonsgryatie, in that they may be

relaxed and restored in any elastic operation that displaces the opposing

half-spaces across the separation plane. They consist of both tensile

stresses, at, and compressive stresses, oa:

al = + PEAQAT (la)

aj = - P.E AT (Ib)

where E is Young's modulus, Aa is the differential thermal expansion

coefficient, AT is the temperature range through which the material deforms

elastically, and the P are coefficients < 1. Those grains subject to

compression will tend to remain in contact with both sides of the interface in

any such reversible separation process, and thence constitute incipient

"bridges"; those remaining grains subject to tension may then be considered

as making up the constitutive "matrix".

Now define a characteristic grain size I and characteristic bridge

spacing d, as illustrated schematically in Fig. la for a periodic rectangular

lattice, such that the area fraction of bridges is 12/2d2 . Then the

requirement for the tensile and compressive stresses to balance over any

potential separation plane is that

a -(l - 2/2d2) = - o (12/2dz). (2)
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For the ideal case of a unimodal, homogeneous grain structure.. where we expect

equal probability of tensile and compressive stress, i.e. P - P., Eq. 2

requires that d = 2. This corresponds to the limiting configuration in which

every alternate grain is (on average) a bridge.

How might these internal stresses exert restraining forces on prospective

crack walls? When we deal with fracture mechanics later we will need to

distinguish certain crack-size domains. For very small cracks in the initial

stages of development, c < d, the walls will feel the full influence of either

the matrix tensile stress a (or, alternatively, the compressive stress o Wu

the relatively unlikely event of cracks generating from within the bridges

themselves). Thus in this domain the discreteness of the microstructure is

crucial. For very large cracks, c >> d, the internal stresses must average

out to zero over the potential separation plane. In the intermediate domain

within the first few bridge intersections the micrcstructural discreteness,

representable as alternate areas of positively and negatively stressed grain

facets, will rapidly wash out (the crack area increasing with S c2 for the

penny-like geometry). Accordingly, we make the approximation that the net

internal elastic stress across any crack area beyond the first bridge is zero.

If this last approximation holds, then the origin of the closure stresses

needed to produce toughening must lie in some subsidiary, nonconservative

source. Suppose the fracture to be intergranular, and consider the internal

stresses tAnryorse to the separation plane at the grain-matrix interfaces

(Fig. 1b). Some of the grains (those destined to act as bridges) will be in a

state of residual compression. At this stage we make no attempt to

distinguish fine details of the stress state, assuming a uniform distribution

a at the boundaries. We shall propose below that Coulomb sliding friction at
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the compressive grain-matrix interface provides the dominant closure stress as

the surfaces are separated along the grain boundaries. It is Fossible that

not all compressively stressed grains will be ideally oriented to provide

effective interlocking, in which case we may generally expect d > 1, even in

ostensibly homogeneour microstructures. In this model the internal stresses,

although not the direct cause of the closure, are (contrary to what one might

at first sight conclude from the preceding paragraph) far from benign, since

they determine the magnitude of the frictional tractions.

Accordingly, we need to determine a constitutive relation between closure

stress, p, and (half) crack-wall separation, u, for this dissipative friction

component. We shall adopt the convention, consistent with our notion that

frictional tractions will always act to oppose crack apening, that positive

p(u) denotes closure. The function p(u) is derived for different crack-size

regions in the following subsections.

2.2 Frictional Debonding at Matrix-Grain Interface

Suppose the crack intersects a grain in residual compression, Fig. 2a.

The intersected grain initially exerts an opening force on the crack walls.

As separation behind the advancing crack tip proceeds, this opening force

diminishes and ultimately becomes negative (closure), leaving the grain

embedded in the matrix on both sides of the interface. This is the first

stage of bridge formation. The ensuing build-up of differential strain

between the grain and matrix results in interfacial debonding, starting at the

crack plane and extending stably up the interface. Simultaneous with this

debonding is the onset of resistive, frictional tractions, increasing in
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intensity until debonding is effectively complete.

Calculations of the debonding process have been carried out in the

ceramic composites literature, particularly in the context of fibre-

reinforced composites. We renort to one such calculation, by Marshall and

Evans (17), deferring details to the Appendix. At the outset we may assert

that the debonding is unlikely to make a profound contribut on to the energy

dissipation; although frictional forces are involved, the distances over

which these forces are active is limited to the relatively small elastic

displacements within the internally stressed bridges. Balancing the

integrated frictional shear lag stress over the debonded interface area

against the axial stress in the residually stressed bridging grain, one

obtains a square root dependence of closure stress p on u 1171 (Appendix),

p(u) = ((2aGrE/)"12/(2d 2/A2 - 1))U 11 2 - ( (3)

where A is the circumferential distance around the debonding grain at the

separating interface (e.g. A = 42 for the rectangular geometry in Fig. 1) and

p is the friction coefficient. We note the appearance of E in Eq. 3,

consistent with an elastic relaxation process. We note also the negative

intercept, p(O) = - uk, indicative of the Ojeni stress that pertains at

initial wall separation.

2.3 Sliding Friction Grain Pullout

Once debonded, the grain can slide out of the matrix, Fig. 2b. The

frictional closure stress on the crack wall is now exerted by individual

bridging grains as they are pulled out of the embedding matrix. The force
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exerted by one grain at any wall-wall separation 2u is given by the product

of: A(2u. - 2u), with 2u. the separation at which the grain disengages (area

of grain wall in contact with matrix); p (sliding friction coefficient); and

- ao (normal, clamping stress). Noting that the average area occupied by one

bridge is 2d2 and recalling Eqs. 1 and 2, we obtain

p(u) = (pa tu./d 2)(2d 2/1 2 - 1)(l - v/u.). (4)

This relation has the same characteristic falloff with u as assumed

empirically in earlier studies (8,9], except that here it is explicitly

linear. Such a linear dependence is contingent on an invariant cross-

sectional grain geometry during pullout (18), as implicit in our consideration

of a rectangular microstructure in Fig. 2. The representation in Fig. 2 also

depicts the frictional forces as distributed uniformly and symmetrically over

the entire matrix/bridging-grain remnant "contact" interface. Direct

observations of the bridging configurations indicate that the reality is more

complex: the bridging configuration is, in general, far from rectangular, and

the frictional contact regions tend to be concentrated at points of

geometrical irregularity (ledges, re-entrant corners, etc.), often across a

single (compressively stressed) facet of the disengaging grain, where the

resistance forces can be intense (see, for instance, Fig. 12 of Ref. 7). Ours

is a somewhat idealised representation of the closure stress function.

Nevertheless, Eq. 4 does contain the essential physics of the proposed

separation process, and is well structured for incorporation of critical

microstructural parameters.

In deriving Eq. 4 we have not considered the possibility that the

bridging grains might rupture transgranularly. If such rupture were to occur,
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p(u) would cut off premavirely at some critical separation. Such cutoffs are

indeed predicted in ceramic composites with continuous fibres (17). They

might be expected in our monophase ceramics if the frictional stresses were

allowed to build up sufficiently, eg. at large grain sizes. For the present

we neglect this possibility.

Because sliding friction can occur over a large fraction of the embedded

grain dimension, we may anticipate pullout to dominate debonding as a

contributory factor in the toughening.

2.4 CQoMDosite o(u) function

Now let us combine the results in Sects. 2.3 and 2.4 to obtain a

composite closure stress-separation functioq p(u) for the entire evolution of

the bridge, from initial formation to rupture and beyond. It is re-emphasised

that we are dealing with an approximation in which a discrete distribution of

bridging forces is replaced by a continuous stress function. We recall that

this approximation is good only for cracks with area large compared to the

area occupied by a single bridge (c >> d). As alluded in Sect. 2.1, we shall

extend the formalism down to the intermediate crack-size domain, but not to

the small-crack domain (c < d) where the internal stresses dominate.

Notwithstanding these provisos, we reduce the closure stress function as

follows:

p(u) = pD(u/u.)1 /I - aR, (0 ' u : u) (5a)

p(u) = PH(U - u/u.), (u+ : u : u.) (5b)

p(u) = 0, (u a u.) (5c)
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where the scaling quantities

Po " (21jtEX)u./.Z)11z/(2dz/1.2 - 1) (Ga)

N (pvtu./d2)(2dz/17 - 1) (6b)

are respectively the shear-lag stress in Eq, 3 evaluated at -. in the

absence of residual stress at and the sliding friction stress in Eq. 4

evaluated at u = 0. Equation 5 is plotted schematically In Fig. 3. Thus ,iu

have a function p(u) with ne;ative intercept at p(O) = - a, square root

dependence to the crossovez point at u - uf, and linear decline to p(u.) - 0.

The area under the curve in Fig. 3 represents the energy of separation of the

bridged Interface.

It is instructive to determine the crossover point where the p(u)

functions in Eqs. 5a and 5b are identically equal:

ut/u. = (po/2pH)2t(l + 4p"(p" + "R)/pr ] - 1). (7)

As indicated above, we may generally expect to find Po > > pm + a., u./u.

((pH + ca)/po1 2 << 1. in which event the debonding term will be relatively

insignificant in the fracture mechanics. We shall find this to be the case

for our alumina later (Sect. 4).

3. FRACTURE MECHANICS

3.1 General Eguilibrium Reouirements

Begin by defining a general stress intensity factor condition for the
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equilibrium of a crack subject to an applied tensile loading field (K,), a

flaw-localised internal tensile field associated with any residual nucleation

forces on the crack (Kr) 119), and a microstructure-associated closure field

(KO) (8). These stress intensity fields are linearly superposable. A

stationary value obtains when the net K on the crack tip. K.(c) say, just

balances the toughness associated with reversible creation of surfaces, TO;

K.(c) = K.(c) + K,,(c) + K,(c)

= T0 = (27oE') J12  (8)

with E' - E/( - PI) for plane strain, u Poisson's ratio. Here -y is an

appropriate surface energy term. For the case of special interest to us, that

of intergranular fracture, we have

27o 2 s - yg. (9)

with ts the surface energy of the bulk solid and y. the grain boundary

formation energy.

It is convenient to restate the above equilibrium requirement in a form

appropriate to the R-curve phenomenology. We note that, like Ka, Kr is a

truly extrinsic mechanical driving force on the crack system. (We shall

identify Kr specifically for indentation cracks below.) The quantity K. on

the other hand is an intrinsic resistive term, always negative, so is more

appropriately regarded as part of the toughness, i.e. T. - K.. Accordingly,

KA(c) = Ka(c) + Kr(c)

= To + T,(c) = T(c). (10)

The composite, crack-size dependent toughness term T is equivalent to the
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quantity KR used by some: we adopt the T notation to Avoid potential

confusion with the negative sign in K., and to emphasise that we are

considering an intrinsic mater.al property rather than an extrinsic mechanical

force. We may note the equivalence of the above stress intensity factor

relation K. - KA = T with che mechanical release rate relation G. = R, via the

familiar connection T = (REI)l/Z (13); hence our use of the term "T-curve"

instead of the more familiar "R-curve".

The critical condition for the crack equilibrium to be unstable is then

given by dK.(c)/dc ? dT0/dc - 0 in Eq. 8 or, alternatively, by dKA(c)/dc k

dT(c)/dc in Eq. 10 (31. The latter defines the familiAr "tangency" condition

for materials with T-curves.

3.2 Hicrostrugtural Stress Intensity Factor

Consider the idealised penny crack system in Fig. 4. As discussed in

Sect. 2.1 we suppose that the crack originates within the matrix (i.e. in a

region between bridges) subject to the (conservative) tensile stress ax, and

subsequently spreads into the surrounding regions defined by the

(nonconservative) closure stress function p(u). We shall designate

contributions to the microstructural toughness term T. from the vR component

by single prime notation, and from the p(u) component by double prime, i.e. TO

= To + To'. It is convenient to separate the problem into three crack-size

regions: c smaller than d (corresponding to first bridge intersections at one

half the spacing 2d in Fig. 1); c larger than d but smaller than the critical

size c. at which the first-intersected bridges just rupture; c larger than c.

(such that the entire bridging zone translates with the advancing tip). As we
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shall see below (Sect. 3.2.2), a further subdivision of the second of Lhese

regions may be made.

3.2.1 Precursor tensile zone, c : d. Within this region the crack

experiences only the matrix tensile stress oK. The negative of the stress

intensity factor for this region, T. - KO, is of the familiar form for

uniform stress fields,

T.(c) = - a c/1 2 , (c : d). (11)

where # is a geometry-dependent coefficient appropriate to penny-like cracks.

In this region the contribution from p(u) is, of course, zero, i.e.

T-'(c) - 0, (c : d). (12)

3.2.2 Bl.dginzon, d S c : c.. Within the bridging zone the crack

experiences two contributions, one due to the persistent tensile stresses U

over the radial distance r - d and the other to the frictional closure

stresses p(u) over r d. These microscructural contributions will continue

to evolve with crack extension as long as the firsc-incersected bridge atr =

d remains intact.

Start with the first of these contributions, T. = - KI. We use the

Green's function solution for penny-like cracks subject to radially

distributed stresses a(r) = a over 0 : r s d, a(r) = 0 over r ; d ((20);

d
To(c) - (O/c' 2 )f rcr(r)dr/(C2 - r2)1/2

0

S- OcRC 12 [l - (1 - d2/c2 )1/2 ], (d S c : c.). (13)
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The following limits are of interest: at c - d, To - ald1 2 , as required

to match Eq. 11; at c >> d, Tit - Oad2/2C312 , which is the solution for a

central point-fort% opening configuration. It is apparent that the influence

of the persistent matrix stress diminishes rapidly once the crack enters this

bridging zone.

Now consider the second contribution, T." = - K.'. In its exact form,

this contribution is expressible as a nonlinear integral equation, which has

no general closed-form solution 121). To avoid a detailed numerical analysis

we compute this term analytically in the approximation of "weak shielding"

(9,171, where the influence of the closure stresses is taken into account in

the stress intensity factor balance but is ignored in the crack-opening

displacement relation. The assumption of weak shielding is appropriate for

ceramics with modest toughening characteristics, i.e. ceramics for which T' <

T.; for our model material this condition is satisfied in tho crucial small-

crack region (see Sect. 4, Fig. 7). In this approximation we have (9,17)

u2
T,1(u) - + (E'/To)f p(u)du (14)

0

where u. is the crack-opening displacement at the stationary edge of the

closure zone, Z in Fig. 5.

The integral in Eq. 14 is most conveniently taken in two parts, according

to whether the crack-opening displacement u is less or greater than u+ in Fig.

3. For the first region we insert p(u) from Eq. 5a:

U1

T.'(u) = + (E'/TO)f (p0(u/u.)
1/2 - aR]du

0

= - (E'/TO)VRUZ[1 - (2pD/3aR)(U1/U-) /1,

(0 17ut :5u.). (15a)
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For the second region we insert p(u) from Eqs. Sa and 5b:

T.'(u) - + (E'/To)(f (po(u/u.)"' - al)du + f Ip(l - u/u.))du)
0 u+

= (E'/To)(- Oftu,.[l - (2po/3a)(%/u.)112)

+ pmu.[(u 2 - u,)/u.)( - [(u. + u,)/2u.),

(u# S U, u.). (15b)

To transform T,(u) to T ,(c) we must determine the zone-edge displacement

uz M u1 (c) from an appropriate relation for the crack profile. In the spirit

of the weak-shielding approximation we use Sneddon's solution for the near-

field profile u(r,c) of a crack fre of microstructural closure terms, but

with these same terms includd implicitly in the equilibrium requirement (K.

To in Eq. 8) 18,9),

u(r,c) - (To/E'cl 1/2)(c 2 - r2) 112 . (16)

Then the requisite crack-opening displacement u = u. = u(d,c) = u(c) at the

zone boundary r = d is

u2 (c) = (OTo/E'cl/2)(c2 - d2)112, (d S c S co). (17)

At the debonding/pullout crossover point u,(d,c+) = u+(c) = u+ and critical

pullout point u,(d,c.) ' u.(c) = u., Eq. 17 reduces to

u+ = (OTo/Elc /)(c+ - d2)112  (18a)

u. = OToC/ 2 /E' (c. >> d) (18b)

respectively, where c+ and c. define the corresponding crack size3.

3.2.3 Steady-state zone, c ? c.. Once the critical first-intersected bridge
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at Z (Fig. 5) is ruptured the entire bridging zone tranulates with the

advancing crack tip. In the limit c. >> d, Eq. 13 becomes

T - 0. (19)

For u. >> u+, c. >> c+, evaluation of Eq. 15b at u, = u. similarly gives

TO, I + El Nu,/2To , (u ; u.). (20)

3.3 ICa

We now have all the ingredients for constructing the T-curve. At this

stage it is convenient rn introduce some coefficients that characterise the

geometrical features of the microstructure in relation to the grain size, I

(Fig. 1). This introduces the concept of geometrical similitude: for

microstructures that change only in scale and not in the essential geometry

such coefficients remain invariant. Thus we define the following similitude

constants:

ad = d/1 (21a)

NL = L/. (21b)

S= A/I (21c)

CL = 2u./L. (21d)

The coefficient ad relates the bridge spacing to the grain size (unity for

equiaxed microstructures, Sect. 2.1), and generally defines the area fraction

of bridges (1/20d); aL is the aspect ratio of the pullout grains, with L the

long (embedded) dimension (again, unity for equiaxed microstructures); GA is

the cross-sectional perimeter to grain-diameter ratio for the embedded grain
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(4 for grains of rectangular cross section); and CL is the "bridge rupture

strain". Then we may substitute into Eqs. 7 and 11-20 to determine T(c) - To

+ T,'(c) + T,"(c) in the following crack-size regions:

T(c) - To - Ovtcl/2 ,  (c ;S 04 ) (22a)

T(c) - To - #ORcIIZ(1 - (2p0/3u)(c/c.)'/4 (l - o2/cZ)1/ ),

(Odt IS c :5 c+) (22b)

T(c) -T o - Oac 112(1 - (I - o]1/c2 )1/2 + (c2/c)221(1

d oz1Z/c')12A1" (2p/3aR)(c./c.)II4 (1 d "+.t2 /c*) 1 l 4 ))

+ Oc112 ((1 _ 012ic2)112  (c,/c)1 2 (1 - 0212/c2) 11, }1

- [((c/c.) 11'(1. - aJ/c2 )1  + (c+/c.)1 2 (1 - 04 +

(c4 5 c : c.) (22c)

T(c) = To + hipoc.1 12 = T., (c c.) (22d)

with

PD = (01LaLpalE)1l 2 /(2a2 - 1) (23a)

PH =  
-(LOLPO( " 1/2od) (23b)

C, = (CLOLE'1/20TO) 2  (23c)

(cl d 4 2 /cJ/ (CLaLE'X/20TO)(pO/2pN )2 ( (1

+ 4 pM(pM + ax)/p J 1 12 
- 1)2 ,  (23d)

the last (implicit) equation defining c+. Note it is only the spatial scaling

terms c. and c+, and not the stress scaling terms po and PH, that depend on 1.

Evaluation of Eq. 22 indicates that T(c) drops below To in its initial

extension within c : d, but quickly increases above To once the bridging zone

is entered and the crack extends beyond c+, ultimately saturating at its

steady state value for c ? c.. We shall illustrate this general trend for our
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model alumina material in Sect. 4 below.

3.4 Screnrth Characteristics for Indentation Flaws

Consider finally the conditions for Vickers half-penny indentation cracks

produced at load P to proceed to unlimited failure under the action of an

applied tensile stress a.. From those conditions we may campute the i

srr a (i.e. the strength in the absence of any kinetic nffects) as a

function of P, and thence establish the basis for deconvolucion of the T-curve

from experimental data.

Begin by writing KA(c) in Eq. 10 in the familiar form for such cracks:

KA(c) 8 00.c 1 " + XP/c312  (24)

where X is a coefficient drnoting the intensity of the residual Vickers

elastic-plastic contact deformation field (22-24J. At equilibrium, KA(c)

T(C), we have

=l/#c"2)(T(c) - xP/c312 ]. (25)

We now seek an instability condition for a.(c). Recall from Sect. 3.1

that the requirement for instability is dKA(c)/dc ? dT(c)/dc. In terms of Eq.

25 this condition is equivalent to doa(c)/dc ; 0 113). In general (as we

shall demonstrate in Sect. 4), oa(c) has two maxima, one on either side of c

d: that at c < 0 is governed by the shorter-range influence of the residual

contact field (Kr); that at c > d is governed by the longer-range influence

of the microstructural interaction (K. = - TO) (9). The relative heigb-s of

the two barriers is determined by the indentation load. Once the first
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barrier (at c < d) is surmounted the crack becomes unstable. However, the

track propagates spontaneously to failure only if the second barrier (at c >

d) is lower. If the second barrier is higher the crack will arrest on a

stable branch of the a,(c) curve ("pop in") before an unlimited instability

can be achieved. Thus the strenzh a. is determined by the greater of the two

maxima.

It rem&-.,,s to demonstrate how one may solve Eq. 25 numerically for the

strength characteristic, and thence extract the T(c) curve, for a given

material system.

4. CASE STUDY\ ON ANALUMINA CERAMIC

We demonstrate the above fracture mechanics formalism by analysing

indentation-strength, oa(P), data for a particular polycrystalline alumina

ceramic. 2 This alumina, apart from exhibiting significant T-curve

characteristics, has served as a model material in previous studies of the

bridging mechanism (3,4,71. It is a nomlnally pure material with grain size I

u 20 pm. In actuality, the material contains a 4mall amount of sintering aid

(< 0.1% MgO and other oxide additive) and has a noticeably nonuniform,

nonequiaxed grain distribution (e.g. see micrographs in Ref. (7)), buc we

shall regard these as mere "perturbations" of an otherwise regular

microstructure.

The analytical procedure involves selecting the parameters in Eqs. 21, 22

and 25 to get an iterative best fit to the ao(P) data. It is similar in

2 Vistal grade A120 3 , Coors Ceramics Co., Golden, CO.
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principle ro the procedure described in an earlier study (9), but with some

refinements.

4.1 Fittint Procedure

The first step is to specify initial values for the T-curve parameters:

(i) Material Rarametrs. First we specify Young's modulus E and Vickers

hardness H for our alumina. The values E = 393 GPa (Poisson's ratio v = 0.20)

and hardness H = 19.1 GPa are taken from earlier data (9). These values are

sufficiently accurate (< ± 1% uncertainty) as to be treated as invariant$ in

the iteration process.

The intrinsic grain boundary toughness To and internal stress OR can not

be specified to the same degree of accuracy (probably not much better than ±

30%). For To we write To/T s = (1 - 71/21s)I2 from Eqs. 8 and 9, with Ts =

3.1 MPa.m112 the toughness of single crystal sapphire (9): using a most

recent estimate y/7s = 1.05 (median) from dihedral angle measurements of

thermal grooves at grain-boundary/free-surface junctions in KgO-doped alumina

polycrystals (25), we obtain To = 2.1 HPa.ml/
2 ; however, an earlier estimate

3'/aJ's = 0.54 in bicrystals (26) suggests that the true value of To could be

somewhat larger. For oR we take a value 100 HPa (mean) from measurements of

the broadening of spectroscopic lines (27]. In view of the abovementioned

uncertainty level, To and OR are regarded as subject to minor adjustment.

(ii) Bridging parameters. The bridge rupture strain fL and the sliding

friction coefficient p, are even more difficult to specify a griori. An

estimate of CL may be obtained directly from microscopic measurements of
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crack-opening displacements. For our alumina grain size I = 20 pm,

displacements u. = 1-2 pm have been observed at active bridging sites some

millimeters behind the crack tip, corresponding to CL = 0.05-0.10 (e.g. from

micrographs in Ref. (7)). Reich. & Steinbrech (281, in a more detailed study

of several "pure" aluminas in the grain size range 3-17 pm, found CL - 0.12.

This parameter probably depends strongly on the detailed grain geometry, so

again we regard it as an adjustable, with CL = 0.10 as our starting value.

As with any dissipative quantity, the friction coefficient p is

notoriously difficult to predetermine for any given material system. We have

already alluded to the existence of geometrical irregularities that might

augment p in the grain pullout configuration (Sect. 2.3), suggesting that we

should not be surprised to find unusually large values. A starting estimate

of this parameter is accordingly obtained by trial and error using the

algorithm described below (Sect. 4.2) in preliminary data-fit runs.

(iii) Flaw parameters. Next, we specify the parameters that

characterise the Vickers indentation flaws. We use "calibrated" values from

previous indentation studies (9): the geometrical constant 0 = 1.24 (close to

value 1.27 for ideal penny cracks), and the residual-contact-intensity

coefficient X = 4.0xO'0 3 (E/H)11 2 . These are taken as invariants.

(iv) Similitude Darameters. Lastly, we specify the a similitude

parameters in Eq. 21. We take ad = 1 = OL and ax = 4, corresponding to an

ideally equiaxed and rectangular microstructure. We regard aL and ax as

invariants, noting from Eq. 23 that errors in these terms can be largely

accommodated in the adjustments of CL and p. The bridge spacing parameter ad

we allow to vary.
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We then use the following regression algorithm for best-fitting the a.(P)

data:

(i) After evaluating the scaling stress (PD, p.) and spatial (c., c )

terms in Eq. 23 using the starting parameters from Sect. 4.1, compute a trial

T-curve from Eq. 22.

(ii) Compute the function a,(c) in Eq. 25 for each indentation load P

for which experimental data are available. Determine the strength 0. as the

maximum in this function at each of these loads (recalling that if two maxima

exist it is the greater which determines ae).

(iii) Compare computed strengths with measured values, and thence

evaluate the residual, E€oN(P)catc - 7,(P),..J]/(n - 1), over all n loads.

(iv) Increment the adjustables (L and p in a "coarse" first-run matrix

search routine (in steps 10% of starting values), and cycle (i) through (iii).

Invoke a minimum variance condition to determine interim best-fit values.

(v) Increment the adjustables CL, p, To, aR and ad in a "fine", second-

run routine (ultimately, in steps of 1% of starting value), and proceed

similarly to determine final best-fit values.

4.2 Results

The results of the data analysis for our model alumina are summarised in

Figs. 6-8, corresponding to final best-fit values CL = 0.135, p = 1.80, To =

2.50 MPa.m1 /2, OR = 155 MPa and ad = 1.50. We note that CL corresponds to the

Reichl & Steinbrech value quoted above; that p is substantial, as
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f°treshadowed in Sect. 2.3; that the values of To and ax are not substantially

different from the first, trial estimates; and chat ad corresponds to a

bridge at every third grain. In Fig. 6 the solid curve represents the fit to

the experimental a(P) data points (error bars on the data points representing

standard devianions) [3). The theory accounts for the major trends in the

data, in particular the tendency to a plateau strength at diminishing

indentation loads (shorter initial crack lengths).

Also plotted in Fig. 6, as the two dashed curves at left, are the

predicted responses for the same alumina corresponding to the following

hypothetical "toughness states": frictional stresses "switched off", i.e.

bridges removed (pD = 0 = Pm, d = ), but matrix internal stresses ever

present (ax d 0), T = To - T,; frictional And internal stresses switched off

(p0 
= 0 = pm, d =-. ax = 0), T = To . These two curves quantify the degrading

effect of the internal stress on the strength at low indentation loads (small

flaw sizes); and, conversely, the (over-) compensating eZfect of the friction

ac high loads (large flaw sizes), leading ultimately to the macroscopic

toughness state T = T..

The deconvoluted T-curve corresponding to the data fit is shown in Fig.

7. The previously mentioned tendency for T(c) to drop below To prior to

intersecting the first bridges at c = d (Sect. 3.3) is apparent in this

diagram. This is a facet of T-curve behaviour that escapes detection in

traditional, large-scale crack tests, where the initial stages of crack

propagation generally occurs from ill-defined, rounded notches. The falloff

in T(c) continues in the immediate aftermath of the first bridge intersection

as the crack enters the debonding zone d q c : c , although in our material

this region is so small (c+/d - 1.01) as to be undetectable in Fig. 7. Once

26



the crack enters the frictional sliding zone c+ s c S c. the T-curve rise

rapidly until, at c ? c., it begins its familiar rise coward saturation at T

T.. This plot shows again that the internal stress is an important factor in

the toughness characteristic; but that in the frictional contribution it is

only the pullout, and not the debonding, that is important.

Figure 8 shows plots of applied stress vs crack size for our alumina at

different indentation loads. These plots illustrate the instabilities that

occur in the crack evolution to failure. At large P it is the second maximum,

i.e. the maximum associated with the bridging, that dominates [9). Within the

plateau strength region of Fig. 6 the initial crack "pops in" before growing

stably to failure, consistent with observation [7]. The stabilising effect of

the bridging is evident in this region as the relatively insensitivity of the

second maximum to P. At very small P it is the first maximum, associated with

the residual contact field, that dominates. In principle, indentations in

this region should allow us to explore the extreme left-hand branch of the

a.(P) plot in Fig. 6, but the almost invariable presence of natural flaws in

the size range c > d generally precludes the possibility of exceeding the

plateau strength level [3,9).

5. GRAIN-SIZE DEPENDENCE OF STRENGTH

Let us demonstrate the versatility of the "calibrated" formulation above

by considering the grain-size dependence of the T-curve, T(c), and thence the

indentation-strength function, u(P), for alumina ceramics. There are few

systematic experimental studies of such grain-size dependencies in alumina
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(or, indeed, in any other polcrystalline ceramic material) in the literature.

However, there are some earlier indentation-strength data for two aluminas,

nominally pure with grain sizes 3 um and 25 pm, that we may usefully compare

with the results for our reference material in Sect 4 (3). 3 Also, there are

some unpublished bend-strength data by Charles & Shaw (29) on as-fired "pure"

aluminas with grain sizes in the range 6-150 pm that allow a tentative

investigation of the underlying a.(1) relation for "natural" flaws.

Consider first the indentation-strength data (3) for the 3 pm and 25 pm

aluminas in Fig. 9. We make our comparison by generating the appropriate

a.(P) functions using precisely the same best-fit parameters as obtained in

Sect. 4, but with I appropriately adjusted. These functions are plotted as

the solid curves in Fig. 9, along with their counterpart for I - 20 pm (dashed

line) from Fig. 6. The calibrated theory therefore hav the capacity to

predict at least qualitative trends in strength and toughness characteristics

with change in the important microstructural parameters.

The informational value of comparative predictions of the type

illustrated in Fig. 9 is manifest in the way the curves cross each other. It

becomes clear that there can be no simple, single grain-size dependence of

strength for materials with strong T-curves (R-curves). In particular, the

familiar 1-11 2 (Hall-Petch) dependence does not appear to be obeyed in any

crack-size region. Thus, whereas the plateau a. tends to diminish with

increasing I at low loads (small c), the dependence on I is somewhat less

strong than 1"112 . At high loads (large c), a. actually increases with 2.

Now consider how the theory compares with the available u(1) data (29)

3 AD999 grade (3 pm), and heat-treated Vistal grade (25 pm). Coors
Ceramics Co., Golden, CO.
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for failures from "natural" flaws, Fig. 10. The solid line appropriately

represents the predicted dependence of plateau strength for flaws without any

residual nucleation field (i.e. KC - 0), once more using the best-fit

parameters from the reference alumina material and treating I as an

independent variable. We may note that the slope of this line is close to

1/3; and that a force-fitted line with the classical Hall-Petch slope 1/2

cannot be made to pass through the error bars on the data points.

5. DISCUSSION

Our toughness/crack-size (T-curve, or R-curve) model is based on a

physical microstructural constitutive relation for crack interfacial bridging,

in which them..al expansion mismatch stresses are a governing factor in

determining dissipative Coulombic frictional pullout tractions at interlocking

grains. The model accounts for the major features of the T-curve function,

notably the magnitude and range, for nontransforming ceramics. We emphasise,

however, that our T(c) functions have had to be best-fitted to the

experimental (indentation-strength) data, with adjustable parameters. In

addition, the formulation embodies several approximations, e.g. weak-

shielding, undistorted Sneddon crack profile, negligible cransgranular

fracture. Furthermore, we have given explicit consideration here to just one

ceramic material, alumina. Accordingly, any "goodness of fit" evident in the

analysis of Sects. 4 and 5 is not to be construed as proving the general

validity of the bridging model. Such proof comes from independent, in situ

observation of crack micromechanics on this alumina (7) as well as on a wide

range of other nontransforming ceramics (10], not from conventional

29



macroscopic fracture mechanics measurements. However, the fit does confirm

chat the bridging model can account for most documented characteristics of T-

curve (R-curve) behaviour, e.g. the flaw tolerance quality and grain-size

dependencies.

Moreover, once the T(c) function has been "calibrated" against a

"reference" data set, as in Sect. 3, we have the power to predict how the T-

curve and associated on(P) functions should vary with changes in the

microstructure. We alluded to this power in our brief consideration of the

strength/grain-size dependence for alumina ceramics in Sect. 4. A more

detailed study of the v.(1) dependence in aluminas is currently under way

(30). Similar dependencies of strength on grain boundary toughness (TO),

internal stress level (ax), grain-grain friction coefficient (y), may be

similarly evaluated. These are additional factors that might be

systematically adjusted by material processors to improve strength

characteristics. Thus we have a physically sound basis for optimi ing the

microstructures of the broad range of scructural ceramic materials whose

toughness behaviour is governed by the bridging mechanism.

The a 2rii specification of a constitutive scress-separation law is

manifestly the single most important factor chat distinguishes the present

analysis from previous treatments (8,9). The inclusion of the internal stress

parameter aR is an especially unique feature. Its strong influence on the

mechanical response is apparent in Figs. 6 and 7: in Fig. 6 as the comparison

between solid a,(P) curve (data fit for fully bridged crack) and central

dashed curve (zero internal stress, zero bridging), indicative of a

countervailing lowering and raising of the strength at small and large crack

sizes respectively; in Fig.7 correspondingly as the initially falling (c < d)
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but ultimately rising T(c) curve (c >> d). We see that the influence of uR

can be deleterious at small c, but thAt this deleterious influence may be more

than compensated, via the dissipative frictional sliding interaction, at large

c. The route to flaw tolerance is therefore a delicate one of balancing

positive and negative elements of inbuilt stress states at opposite ends of

the flaw-size spectrum.

It is useful to pursue the issue of short cracks vs long cracks in the

context of traditional fracture mechanics testing. Some recent experimental

results reported by Steinbrach & Schmenkel (12) on a nominally pure alumina of

grain size I - 13 pm are especially well suited for this purpose. Those

authors measured crack growth from single-edge-notched beam specimens to

obtain T(c) data on the macroscopic scale, and from naturally occurring flaws

in four-point-bend specimens to obtain comparative data on the microscopic

scale. Their results are plotted in Fig. 11, together with the theoretically

predicted curve for the appropriate grain size from our "calibrated" Eq. 22.

The theoretical curve appears at least to reflect the broader trends of the

rising T(c) curve large c, although we can hardly expect any such

extrapolation of the indentation-strength-calibrated curve to provide an

accurate representation in this long-crack domain. Conversely, it is evident

that there are important features of the T(c) function at small c which may

not be readily quantified by experimentation with long-crack specimens. In

particular, the falloff in T(c) at c < d associated with internal tensile

matrix stresses will generally pass unnoticed in such specimens. This is the

domain of short cracks, where microstructure-scale instabilities in the

initial growth (e.g. the initial "pop-in" referred to in Sect. 4) can occur.

If this last point concerning short-crack instabilities is not readily
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apparent in convencional crack-growth tests, it certainly is manifest in one

tiell-documenced aspect of the fracture behaviour of ceramics. This is the

tendency of chose ceramics wich large internal stresses to exhibit spontaneous

microfracture at some critical grain size. Let us tote that the shape of the

diminishing T(c) curve in Fig. 7 prior co the first bridge intersection at c

d is independent of grain size I (Eq. 22a). The effect of increasing d will

thus be to extend this portion of the T(c) curve further downward. If we were

to scale up I such that T(c) were co intersect the c-axis before the condition

c - d is satisfied, then pro-existing flaws would become amenable to unstable

extension without any excarnal load applied. Hence the phenomenon of

spontaneous microfracture may be seen as a naturaL, limiting consequence of

our model.

The implications of the bridging mechanics presented here extend beyond

the immediate question of inert strength, to fatigue and lifetime analysis

(311 and to wear properties of brittle ceramics (32).
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APPENDIX: Calculation of Frictional Debonding Stress-Separation Function

In this Appendix we reproduce the essence of a calculation by Marshall &

Evans (17) for frictional debonding. We assume that debonding begins at the

crack plane and works itself up the matrix-grain interface a distance Y as the

crack walls separate through displacement u, Fig. 2. At first, we suppose

only that shear-lag tractions r(y) do exist, and only later connect these

tractions with internal stresses.

Consider an elemental area of matrix-grain Interface bounded by y and y +

dy. At equilibrium, the frictional traction r over this area must be balanced

by the axial internal stress a(y) in the embedded grain, i.e. .2da(y) = -

rAdy, or,

do/dy = - r)/12. (Al)

This equation may be integrated at constant r (neglecting any elastic stresses

at y > Y), over y = 0 to y = Y. We take as boundary conditions a(O) =

p0 (1
2 /2d2 ) (recall from Eq. 2 that 12/2d2 is area fraction of bridges) and

o(Y) = P0, where P0 is the stress exerted by the embedded grain in the absence

of any residual stresses. The integration gives

Po = (rAY/,2)/(2d2/12 - 1) (A2)

The strain in the grain (measured relative to the strain endured if sliding

were to be prevented [17]) at the debond length Y is

u/Y = (po/E) (2d 2/22 - 1). (A3)

where the factor two is because the strain has a linear gradient along y.
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Eliminating Y from Eqs. A2 and A3 gives

p0(u) = (2rE)u/2l
2)'1/(2d'/1Z - 1). (A)

Now suppose that the ZrLicion is Coutombic, i.e. due to residual internat

stresses. Then we may write immediately, r = poa. In addition, we must

replace Pa by Po + OR, to allow for the residual opening force exerted by the

embedded grain on the matrix at zero crack-wall displacement (17). With Eq.

2, these modifications lead to our final constitutive relation for debonding,

p(u) = ((2paREX)/2)u12/(2d2/12 - 1))u 11 2 - OR (AS)

as per Eq. 3 in the text.
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FIGURE CAPTIONS

1. Schematic geometry of bridged interface, in rectangular "lattice"

representation of microscructure: (a) projection normal to crack plane;

(b) profile view along crack plane. Shaded areas denote bridging grains.

Characteristic dimonsions 1, grain size, d, bridge spacing. (The factor

2 in our definition of the bridge separation is so that later in Fig. 4

we may conveniently delineate the region between no-bridging and bridging

simply by c = d.)

2. Stages of frictional grain detachment from matrix at separating

interface. (a) Initial debonding stage, with progression of shear crack

up the grain-matrix walls to 2y = 2Y at separation 2u. (b) Subsequent

sliding pullout to disengagement at 2u = 2u.. Long grain dimension L is

limiting value that 2Y or 2u. may attain.

3. Schematic plot of p(u) closure function, Eq. 5. Area under the

composite, solid curve is a measure of the energy absorbed by the

debonding-pullout bridging process.

4. Growth of penny-like crack in bridging field; (a) side view, (b)

projection view. Crack experiences only matrix tensile stresses up to

first intersection with bridges at c = d. Thereafter, internal stresses

rapidly average out to zero across crack plane, and frictional closure

forces dominate.
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5. Coordinate system for crack-interface bridging. C denotes crack tip, Z

the edge of the bridging zone at c = d.

6. Plot of v*(P) for selected alumina material of grain size I = 20 pm.

Points with standard deviation error bars are experimental data from

reference (3). Solid curve is best fit of bridging theory to these

points. Dashed curve at extreme left is corresponding hypothetical curve

for same material with matrix tensile stresses present but with no

bridging tractions (T = To - T.); central dashed curve corresponds to

same material but with no bridging 2r internal stresses (T = TO).

7. Deconvoluted toughness T(c) function, Eq. 22, for selected alumina,

corresponding to data fit in Fig. 6. The falloff in the function below

To prior to first bridge intersection at c = d is indicative of the

initially deleterious effect of (tensile) matrix internal stresses.

Thereafter the crack becomes dominated by the beneficial influence of

frictional grain pullout tractions, whence the curve rises above To again

to its saturation value T. at c = c..

8. Plots of a.(c), Eq. 25, for selected alumina, using the parametric

determinations from Figs. 6 and 7. Curves are for indentation loads P

covering the data range in Fig. 6: A, 0.2 N; k, 1 N; g, 2 N; , 10

N; , i00 N; , 1000 N.
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9. Plots of a.(P) for alumina materials of grain size I = 3 and 25 Pm.

Points with standard deviation error bars are experimental data from

reference (3]. Solid curves are predictions of bridging theory

appropriate to these grain sizes, using best-fit parameters from the

reference alumina material (I = 20 pjm) from Fig. 6. (Reference o,(P)

curve included here as dashed curve for comparison.)

10. Strength vs grain size for polycrystalline alumina. Data points from

Ref. (29], means and standard deviations of inert bend strengths for

specimens with "natural" flaws (as-fired "LucaloxO" specimens). Solid

line from bridging theory, predicted plateau strengths for natural flaws,

using best-fit parameters from the reference alumina material. (Arrow on

data point at I = 66 pm indicates a material with exceptionally broad

grain size distribution (29].)

11. Comparison of T(c) data obtained by Steinbrech & Schmenkel (12] (shaded

areas) on a nominally pure alumina of grain size I = 13 pm using surface

cracks (SC) in four-point bend and single-edge-notched-beam (SENB) and

specimens with small-scale flaws with theoretically-predicted curve from

present analysis.

40



(a) -A'K

- - - -- - -- -

- - -- p1-- -

- - -- zzj --- -

(b)

- - - - - - - - S

lb



(a) Debonding y
Y-I Lt12u

(b) Pullout

L

tI



p(u)

Debond i-' Pullout -

77I

I -i0
p DT Ok 0

2u
0 R 2u + 2u *

OR3



4F



2u,.



000

IS

I / .2

- OW / D 'a 0I



%ow

N '-U

(z/wouW) o)L lseuBo



Lo
'In 1 1 1 1 '' 1 1

* 
'-a

(RdW)"D 'SGCI



0

z

E E J.

cl//I
I '0

01 CM

(OW o 'LI)6uaJIS



C14~

E

C)

(RdVW) w0 'L4I5UGJIS



W4

II ju11 I I~fillI

.

CI)

S.O

co 0

omE

S.I I f l

IV N.

(z/ usvd) (0 'ssu4Bn



12. "Fatigue Limits in Noncyclic Loading of Ceramics With Crack-Resiscance

Curves"

S. Lathabai and B.R. Lawn

J. Hater. Sci., in press.



ABSTRACT

Fatigue properties in the noncyclic loading of ceramics with R-curves are

studied. Particular attention is directed to the potential role of R-curves

in the enhancement of fatigue limits. A numerical algorithm for solving the

appropriate differential equations of rate-dependent failure is developed.

Our formalism specificdlly incorporates a crack-size dependent toughness

function, based on grain-localised interfacial bridging, and a hyperbolic-sine

velocity function, representative of a fundamental activation process. In a

case study, dynamic fatigue (constant stressing rate) and static fatigue

(constant applied stress) data for a coarse-grained alumina with a pronounced

R-curve are analysed. With foreknowledge of the toughness parameters, the

intrinsic crack-tip velocity function is deconvoluted. This intrinsic

function is distinguished from the usual "apparent", or "shielded", (and

demonstrably nonunique) function determined directly from the external load.

It is confirmed that the R-curve, by virtue of its stablising influence on the

crack growth, significantly enhances the fatigue limit, and confers the

quality of "flaw tolerance" on fatigue lifetimes.



1. INTRODUCTION

Brittle solids are susceptible to delayed failure induced by "slow"

growth of flaws to critical dimensions (1). In the ceramics community such

delayed failure is referred to as "fatigue", even for noncyclic loading

conditions, e.g. constant stress ("static" fatigue) or constant stressing rate

("dynamic" fatigue). Experimental data are usually represented as linear

plots on appropriate (logarithmic-coordinate) fatigue diagrams (applied stress

vs failure time, or failure stress vs stressing rate), the slopes of which

determine a fatigue "susceptibility". Embodied in most analytical treatments

of these plots are certain idealisations concerning the fracture mechanics,

e.g. that the strength-controlling flaws are free of any residual driving

forces and that the material has a single-valued toughness, such that the

(inverse) susceptibility is directly identifiable with the exponent in a

power-law crack velocity relation (2,3]. Characteristic features of such

treatments are: (i) an implied uniqueness of the crack velocity vs mechanical

energy release rate (v-C) function for a given material-environment system;

(ii) a critical dependence of the ensuing lifetime characteristics on the

initial flaw size.

An important shortcoming of the conventional log-linear analysis of time-

to-failure behaviour in ceramics is the lack of provision for a fatigue limit.

The existence of a bounding applied stress, ali, say, below which a component

effectively has infinite lifetime is an attractive prospect in engineering

design. Efforts to detect such lower bounds as deviations from linear

response in the long-lifetime domain of fatigue diagrams have been few, due

partly to the notorious scatter in strength-related data and partly to self-
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imposed short-term restrictions on data accumulation. This despite a well

established precedent for analogous fatigue limits in the metals literature

(4). A study by Cook (5) on sapphire, using indentation flaws to reduce the

scatter and extend the range of constant stressing rate data, is one

exception. That author attributes the observation of an asymptotic lower

limit in the sapphire strength to a threshold in the underlying crack velocity

function, i.e. to the existence of a zero velocity state at (positive) nonzero

applied load. Cook used a power-law velocity function in stress intensity

factor K with cutoff to describe this threshold; we shall assert that the

velocity function is written more justifiably as a hyperbolic sine in G - 27,

where -y is a thermodynamic surface energy. Direct measurements of race-

dependent crack growth in large-scale crack specimens of other brittle

materials (6,7) suggest that velocity thresholds, and thence fatigue limits,

might be more prevalent in ceramics than previously suspected. In any event,

it seems apparent that anything we could do to the material system to augment

this threshold would surely stand to improve lifetime characteristics.

There is a way in which improvement of this kind might be achieved, and

that is to make use of the crack-stabilising effect of R-curve (or T-curve)

behaviour, i.e. a systematically increasing crack resistance R (or,

equivalently, toughness T), with extension (15). R-curve behaviour arises

because of the shielding of the crack by some microstructure-associated

energy-df-sipative process in the region immediately surrounding the tip. It

is now appreciated t-At many nontransforming ceramics exhibit such behaviour

[8-16]. It has been argued on qualitative grounds that the restraining

influence of shielding should extend to rate dependent crack growth (17), and

there is some experimental evidence in support of this contention in zirconia
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material systems [18). However, the possibility of using shielding to improve

lower-limic strength levels does not seem to have attracted much attention in

the literature.

In the present paper we explore this last possibility. As a case study,

we examine a material with pronounced R-curve behaviour, a coarse-grained

alumina of a kind that has been investigated extensively in inert-environment

(equilibrium) indentation-strength studies 10,12,14,15). The R-'urvo

behaviour in polycrystalline alumina is due to persistent grain-localised

bridging at the interface behind the (intergranularly) propagating crack tip.

In developing a fatigue formalism we proceed in a manner similar to that

described in earlier indentation-flaw fatigue studies (19-23) for materials

with single-valued toughnesses, but with proper refinements. Now, we

incorporate specific information on the R-curve (evaluated from control,

inert-environment indentation-strength tests (151 on the same material) into a

general hyperbolic sine v-G function to establish a starting differential

equation. A numerical algorithm is thereby set up to obtain lifetime

solutions for prescribed time-dependent applied load states (constant

stressing rate, constant stress). The algorithm is used to fit dynamic and

static fatigue data on our alumina, and thence to determine unknown parameters

in the v-G function.

Hore general implications of the analysis are then discussed: (i) We

confirm that the R-curve, because of its stablising inflience on the crack

growth, strongly enhanceE the fatigue limit. Indeed, we argue that a fatigue

limit may even be apparent in materials that exhibit no natural threshold in

the v-G relation. (ii) We stress that the calibrated crack velocity function

is the intrinsic v-G, relation for the material-environment system, i.e. the
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fundamental relaion that expressly determines the crack-tip motion. This

relation is to be distinguished from the "engineering" v-G. relation that

would normally be obtained by monitoring tht external load on the system. It

is suggested that the intrinsic velocity relation may not be readily obtained

in traditional large-crack tests, because of a history-dependence of the

shielding component in C. Consequently, contrary to conventional expectation,

the apparent, v-Ga relation will generally not be unigue. (iii) We show that

the fatigue lifetimes are n= strongly dependent on initial flaw size; the

quality of fiaw tolerance in the strength characteristics for materials with

R-curves [24) extends to fatigue properties.

Finally, the versatility of the procedure is indicated; once the

velocity equation is calibrated, the algorithm may be used for a priori

predictions of the fatigue response in other, potentially more complex (e.g.

cyclic) loading modes.

2. FRACTURE MECHANICS

In this section we outline the theoretical basis for determining failure

lifetimes for ceramics with threshold crack velocity functions and with rising

R-curves. We focus specifically on nontransforming materials whose R-curve is

attributable to crack-interface bridging, although it is emphasised that the

logical procedure for the analysis will be the same for other crack resistance

processes. We start by writing expressions for the crack-size dependence of

the mechanical energy release rate G(c), or the stress intensity factor K(c),

incorporating the microstructural features that account for the toughness
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variation. Then we combine these expressions with the crack velocity relation

v(G) to introduce a criterion for rate-dependont extension. Given the time

dependence of the applied stress, a.(C), a differential equation for the crack

growth evolution can be constructed. The aim of the exercise is to evaluate

this differential equation to determine the failure time, i.e. the time to

take the initial strength-controlling flaw to a critical dimension for

unlimiced unstable propagation. Our analysis will be directed to controlled

indentation flaws, but we stress at the outset that the formulation in this

section is applicable to all flaw types.

2.1 Crack Driving Force and the R-Curve

Consider first the mechanical driving force acting on the crack tip. As

we shall argue in the next subsection, it is useful to express this driving

force ultimately as a mechanical energy release rate G. For the special case

of crack propagation in the absence of any envlronmental effeccs, the

fundamental, Griffith condition for crack extension is expressible in terms of

the energy release rate G.(c) at the crack tip,

G. = 2'o , (equilibrium) (1)

where 7o is the fracture surface energy in inert atmospheres. In specifying

-10 it is important to identify the mode of fracture: for our case study in

Sect. 3 below we shall be concerned primarily with a polycrystalline material

that shows essentially intergranular fracture, so that 7y must ultimately be

relatable to a grain boundary energy.

To make full use of the superposability of linear stress fields it is

6



convenient to formulate the problem in terms of stress intensity factor

notation K. Accordingly, we seek an expression for K.(c), the net K-field

experienced at the crack tCi, and convert to G.(c) using the plane-strain

transformation relation

G. = K!/E (2)

where E'= E/(1 - P2), with E Young's modulus and ' Poisson's ratio (25). The

net scress intensity factor will generally be made up of three components:

K.(c) - K,(c) + K.(c) + K (c). (3)

(i) K.(c) is the familiar contribution from the externally applied loading

system. In most traditional treatments this is the only component that is

considered. (ii) K,(c) is the contribution from any residual local stress

fields associated with the formation of the crack. This is certainly an

important term for the indentation flaws to be considered later, and may also

be a significant factor in many naturally occurring flaw types. (iii) K,(c)

is the contribution from the microstructural elemeuts chat are responsible for

the R-curve. It is usually (not necessarily always) negative (closure field).

The second and third terms in Eq. 3 together effectively shield the crack tip

field from the remote loading: it is o when these two terms are zero that

we may revert to the simplistic identification of K. with K. that is implicit

in most fatigue analyses for ceramic materials.

We need to specify the form of K,(c) for materials that exhibit R-curve

behaviour by virtue of a crack-interface bridging mechanism. In the most

recent analysis (15], the bridging restraint is modelled in terms of a "tail-

dominated" stress-separation constitutive relation for interlocking grains on
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either side of the cra,k interface. The interlocking is assumed to be

governed by internal, matrix thermal expansion mismatch stresses, which

"clamp" the bridging grains as the opposite crack walls separate. The bridges

break by first debonding along the grain boundaries, and then sliding at those

constrained boundaries until separation is complete. Coulomb friction at the

grain-matrix interface during the latter, pullout stage accounts for the bulk

of the energy dissipation responsible for the rising R-curve.

Suppose that our bridged crack system has essentially penny-like

geometry, Fig. 1, 4s is pertinent to many flaw types and especially to

indentation flaws. The solutions for the microstructural stress intensity

factor may be derived in the pullout-dominated limit of a linearly diminishing

constitutive relation between closure-stress p and (half) crack-opening

displacement u (15);

p(u) = p - u/u.), (0 5 u 4 U. (4)

where pm is the maximum resistance stress (at u = 0) and u. is (half) the

wall-wall displacement at grain-matrix disengagement (at p = 0). These last

two parameters may be written more explicitly for rectangular, equiaxed

microstructures as [15]

pm = (4paRu2/d)(2d2 /22 - 1) (Sa)

um = C1/2 (5b)

with 2 mean grain diameter, d bridge spacing, p coefficient of sliding

friction, aR magnitude of the internal stress, and e bridge rupture strain.

The solutions may be subdivided into three domains (15]:
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(i) Precursor Tensile Zone (c < V. Within this small-crack region no

bridges are intersected, And the crack experiences only matrix tensile

stresses +a ,. There is a net driving force,

K" (C) = Oaltc 112 (6)

where # is a geometry-dependent coefficient appropriAce to penny cracks.

(ii) Bridging Zone (c ; d, 0 : u S u,). The crack intersects bridges, And

thereby has a positive component due to the persistent matrix tensile stresses

and a countervailing component due to the integrated effect of the bridging

tractions in Eq. 4. In the approximation of "small shielding" (appropriate to

ceramics with modest toughening (151) we derive

K (c) = 'Ouc112 ( - (1 - d2/c2 )1 12 ) - (E'p,/K.)(uz(l - uz/2u.)] (7)

where uZ is (half) the crack-opening displacement at the stationary edge of

the closure zone, i.e. location Z at r = d in Fig. 2. The quantity uz(c) is

determined separately from the Sneddon approximation for the crack profile

equation at tip field K.,

uz(c) = (OK./E')[(c2 - d2)/c)1 /2 . (8)

(iii) Saturation Zone (c >> d, u ; u.). Ultimately, the first-intersected

bridge at Z is pulled out and the bridging zone translates along with the

crack. In this large-bridging domain only the second, closure term in Eq. 7

is significant, and this reduces to

KO(c) = - E'pmu./2K. (9)

9



We note that K. depends on K. in Eqs. 7-9, so chat Eq. 3 becomes an

implicit function for the crAck-tip stress incensity factor.

2.2 Crack Excension Condition and the Velocity Function

Now consider the v-G relation that defines the fundamental kinecic

condition for crack growth. We reiterate that the proper mechanical energy

release rate in this relation is chat experienced ac the crack tip, i.e. G..

We alluded in Sect. I to the shortcomings of the commonly used power-law

function. The sole justification for retention of the empirical power-law

function in traditional reliability formalisms has been the closed-form

integrability of the ensuing fatigue lifetime differential equation (1-3).

However, with the introduction of the complex R-curve phenomenology into the

C.(c) and K.(c) relations (Sect. 2.1), closed-form solutions are no longer

feasible; there is thus nothing to be lost by introducing a physically-based,

if more complex, velocity function, in particular one that provides for a

threshold.

Accordingly, we resort to a hyperbolic sine function, based on the

underlying notion of stress-enhanced thermal activation over atomically

localised energy barriers (5,26-28]:

v(G.) = v0sinh[(G. - 2-f')/2rJ, (27, & C. S 210) (10a)

v(G.) = 0, (2yj > G.) (10b)

v(G,) = vT, (270 < G.) (10c)

where 11 is the fracture surface energy in the presence of the reactive
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environment (i.e. lowered from 70), v0 and r are intercept and slope

(susceptibility) parameters, and vT is a terminal velocity (- 103 m.s'l).

Again, the value of 71 is chat corresponding to incergranular fracture. The

velocity function v(G.) is sketched in Fig. 3. Note the provision in Eq. lOa

for a threshold. The insistence chat the velocity be zero at G. < 27, in Eq.

10b is consistent with the practical experience that cracks generally do not

heat in polycryscalline materials. Ac G, > 27o the crack is able to propagate

even in the absence of reactive environment (cf. Eq. 1), and rapidly attains

dynamic velocities. Within these two cutoff extremes the velocity closely

approximates an exponential dependence on G..

2.3 Differential Eauation for "Static" and "Dynamic" Fatigue of Indentation

Finally, we develop the formalism for crack systems in time-dependent

applied stress fields, a. = v.(c), as pertains to strength considerations.

For uniform stresses we may immediately write

Ka(c) = 0CI1c/2  (11)

for the applied stress intensity factor in Eq. 3. The applied stress states

a.(t) of specific interest to us here are those of so-called "static fatigue"

a = const., (12a)

and "dynamic fatigue"

ci = a./t = const. (12b)
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Also of specific inceresc here are inO'ncacion flaws. This flaw type is

distinguished by a residual contact field (29)

K'(c) - XP/c 31  (13)

wii. P the contact load and X an elastic-plastic coefficient (14,29).

Writing v = dc/dt, Eq. 10 may be combined with Eqs. 2-9 and 11-13 inco a

differential equation for c(t) ac fixed load P and stress a, or stress race

o4. This composite differential equation has to be solved for the time to

grow the crack from an initial equilibrium state to final instability, i.e.

the "time to failure". Usually (but not always - see Sect. 4), the initial

crack size c1 is calculated from Eqs. 2-9 by setting G.(ci) = 2-1 (zero

velocity) at K, = 0; likewise, the final crack size ct is determined as the

configuration G.(cf) = 2-yo (dynamic velocity.) at which the system achieves

unixwncerruted propagation (see Sect. 3).

It is pointed out that Eqs. 11-13 are special cases, and that our

formalism in Sects. 2.1 and 2.2 is readily extendable to any general loading

configuration, K.[a.(t)], and to any residual stress state for the strength-

controlling flaw, Kr(c).

2.4 Numerical algorithm for solution of fatigue differential eguation

We have indicated that the general differential equation for kinetic

crack growth in materials with R-curves has no closed-form solution. It is

necessary to resort to numerical analysis. Consequently, a suitably expanded

version of an earlier computer algorithm (19,201 for determining static and

dynamic fatigue times is employed. The algorithm increments c and t in Eq. 10
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in a Runge-Kutta stepwise integration procedure, readjusting a.(t) (where

necessary, e.g. dynamic fatigue), hence G.(c,t) (after iterative solution of

implicit expression for K., Eq. 3 - see Secc. 2.1), at each step.

Special attention to the stepping procedure in this algorithm is in

order, owing to the typically enormous range of crack velocities embraced in

the evolution to failure; a fixed increment in time runs the very clear risk

of stalling the evaluation in the regions of slow growth and, conversely, of

blowing it up in the regions of fast growth. It is necessary to adopt a

stepping strategy that provides a reasonable compromise between accuracy and

time of computation. Consequently, our algorithm incorporates computational

elements that allow for automatic readjustment of the increments, according to

the instantaneous velocity. One of these elements involves an inversion of

the underlying differential equation, dc/dt = v(c,t): at low velocities (i.e.

relative to v0 - see Fig. 2), the equation retains its normal form - J is

incremented, and the corresponding crack step determined from dc v(ct)dt;

conversely, ac high velocities, we rewrite the equation as dt/dc 1/v(c,t) -

now crack size is incremented, and the Runge-Kutta routine suitably modified

to determine the time step dt = dc/v(c,t).

Another critical element in our algorithw is a provision to allow for

intermediate, "pop-in" instabilities in the crack evolution. Such pre-failure

jump-arrest events are indeed characteristic of materials with R-curves

[12,13,30]. Consequently, a routine for predetermining all the unstable crack

sizes, by solving Eq. 1 at dG./dc > 0 in conjunction with Eqs. 2-9, is used to

ensure that the program is not stopped before the final, true failure

instability is attained.

Once the R-curve and crack velocity parameters are specified, we may
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predetermine the fatigue characteristics for a given material-environment

system: static fatigue curves directly as the times to failure tr at

specified applied stresses oa; dynamic fatigue curves as the fatigue

strengths af = uGtf at specified stressing rates Ua.

3. RESULTS

3.1 Experimental Procedure

Let us now demonstrate the formalism by analysing indentation-strength

data on a commercial polycrystalline alumina ceramic, nominally pure (< 0.1 %

additive) with grain size I m 23 pm. I The material is ostensibly the same as

used in preceding studies (10,12,15,23], but was obtained from a new batch.

The intergranular-fracture, crack-interface bridging mechanism considered in

Sect. 2.1 has been identified in this material (12), and the associated R-

curve characteristics documented (15]. Dynamic fatigue test results in water

have also been reported (23]. However, to avoid possible discrepancies from

batch-co-batch variations, we obtain an entirely fresh set of data here.

Accordingly, specimens were tested in the form of discs, approximately 22

mm diameter and 2 mm thickness. Controlled Vickers indentation flaws were

introduced at the centres of the prospective tensile faces of each specimen.

The indentations were immediately covered with silicone oil, for inert

strength tests, or with water, for fatigue tests. A biaxial loading fixture,

with a flat circular punch of diameter 4 mm on three-point support of diameter

Vistal grade A12 0 3 , Coors Ceramic Co., Golden, CO
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19 mm, was used to break the specimens, and the surface tensile stress a.

computed from thin plate formulae (10). For the determination of inert

strengths (Ca = an), the contact loads covered a broad range (P = 3-300 N),

and the breaks made at fast stressing rates (> 104 MPa.s'1). For the fatigue

tests, a single, intermediate load (P = 30 N) was used. Dynamic fatigue

strengths (a. = a,) were determined over sever- decades of constant stressing

rates ( a = I0"-i0+1 MPa.s'), using a piezoelectric load cell [23) to extend

the tests as far as practicable into the short-duranion region (< 20 ms);

static fatigue times to failure (tf) were determined at prescribed applied

stresses (a. = const.) (ramp time < 6 s).

In all tests the broken specimens were examined to verify the indentation

site as the origin of failure. Exceptions were excluded from the data pool.

3.2 Inert Strength Data and the R-curve Parameters

The inert strength data, a,(P), are shown in Fig. 4. These strength data

tend strongly away from the conventional p-1 /3 dependence for materials with a

single-valued toughness, toward a plateau at low P. The plateau is a measure

of the flaw tolerance associated with R-curve behaviour [13-15]. A bridging

parameter adjustment routine, iterating on Eqs. 2-9 (15], is used to obtain

the best-fit solid curve in this diagram. Assuming E' = 413 GPa, b = 1.24 and

X = 0.018 for the alumina (15], we obtain our fit with the following parameter

values: 70 = 5.6 J.m"2 (grain boundary), I = 0.120, p = 1.80, aR = 155 MPa

and d = 35 pm. This set of parameters determines the R-curve. 2

2 These parameters are similar to those in determined Ref. [15],
except that -y0 is about 15% lower, suggesting that our new batch of
material may have slightly weaker grain boundaries.
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It is instructive to insert Eqs. 3-9 into Eq. 2, and thence to evaluate

the critical function G.(,) corresponding to the inert strength data point at

P = 30 N, a. = 220 KPa, in Fig. 4. This function is plotted as the upper

curve in Fig. 5. We note the principal minimum at G. = 270, representing the

configuration at failure.

3.3 Eatigue Data and the Crack Velocity Parameters

The dynamic and static fatigue results for our alumina are plotted in

Figs. 6 and 7, respectively. There is a strong asymptotic tendency to a

fatigue stress limit, ali., in the long-time regions of both these plots.

This tendency is most apparent in Fig. 7, reflecting a bias in the static

testing methodology toward longer test durations; indeed, the data in Fig. 7

seem to lie almost exclusively in the fatigue-limit domain. At short times

the data must saturate at the inert strength level; only in the dynamic data

of Fig. 6 is the test duration short enough to indicate that this upper limit

is in fact being approached.

The solid curves are best fits to the data, obtained using the R-curve

parameters evaluated above (Sect. 3.1) and adjusting the crack velocity

parameters in Eq. 10. The procedure adopted for determining the velocity

parameters involves two steps:

(i) The surface energy term, -f, is evaluated from an estimate of the

asymptotic fatigue limit, aci. = 129 MPa, in Figs. 6 and 7. First we

determine the critical function G,(c) appropriate to ali., at indentation load

P = 30 N, in exactly the same way as done previously for the inert strength
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a., i.e. upper curve in Fig. 5. The new function is plotted as the .iwnr

curve in the same figure. Since the fatigue limit represents the applied

stress level below which the crack at some point in its evolution ceases all

growth, the principal minimum in this lower curve necessarily defines the

threshold state G.(c) = 27, (i.e. v = 0 in Eq. 10); hence from Fig. 5 we

obtain t, = 1.20 J.m"2 .

(ii) The parameters v0 and r are now adjusted to give the best fit to the

fatigue data points. The computer does this by selecting the combination of

parameters that minimises the variance between computed and measured data

points at the experimental values of . (dynamic fatigue) and Ua (static

fatigue). In making these adjustments, it is useful to recognise that v0

reflects more strongly in the intercepts, r likewise more strongly in the

slopes, of the fatigue plots. This procedure yields v0 = 7.0 pm.s
" , r =

0.325 J.m72 .

The intrinsic v-G. function corresponding to the above parameter

calibration is plotted in accordance with Eq. 10 for our polycrystalline

alumina in water as the solid curve in Fig. 8. Also included in Fig. 8, as

the dashed curve, is the analogous function for single crystal sapphire in

water, obtained by similarly deconvoluting fatigue data from Ref. [23)

(requiring K. = 0, but retaining the hyperbolic .ine velocity function over

the Cook cutoff power-law [5]). The curve for the polycrystalline material

falls distinctly to the left of that for the single crystal. This is in

accord with the fact that the fracture in the former is intergranular (cf. 7o

value 5.6 J.m"2 for our alunina with 11.0 j.m- 2 for sapphire, as reflected in
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the upper bounds to the two curves in Fig. 8).

4. DISCUSSION

We have developed a formalism for studying (noncyclic) fatigue limits in

ceramic materials with R-curves. Introducing a microstructural closure stress

intensity factor based on crack-interface bridging, and a threshold crack

velot ty function based essentially on activation kinetics, we have described

a numerical algorithm that solves the ensuing fracture-mechanics differential

equations for time-dependent failure. As an illustrative case study, dynamic

and static fatigue limits for an alumina-water system with controlled

(indentation) flaws have been quantified, and the intrinsic v-G. curve thereby

deconvoluted. Once the R-curve and velocity parameters have been calibrated

from the fatigue data, the algorithm becomes a powerful tool for analysing and

predicting various elements of the limiting failure conditions. We shall

explore some of these elements in the discussion below.

It might be contended that the present study does little more than

reinforce an existing suspicion that fatigue limits are possible in ceramics:

all that is necessary is a threshold in the crack velocity function. The

novel aspect here is our focus on the role of the R-curve; in particular, on

how the additional crack stability afforded by the microstructural crack

resistance may enhance these fatigue limits. Indeed, it can be argued that a

fatigue limit may be achieved in an R-curve material without any velocity

threshold at all. To demonstrate, we use our algorithm to compute the

hypothetical fatigue responses for our alumina using the deconvoluted v-G,
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function in Fig. 8, but with the threshold artificially reduced to 7V = 0

(i.e. as represented by the extrapolated, dashed line in Fig. 3, using a curve

of the same r but with suitably adjusted intercept v0 = 1.0 pm.s" in Eq. 10).

The resulting modified fatigue relations are included as the dashed curves in

Figs. 6 and 7. We see that the prospective fatigue limit uoj, is lowered, but

not to zero. Physically, the existence of this limit is possible because the

bridging closure term, -K. in Eq. 3, can pa the applied loading term, +Ka

(plus Kr, where applicable), giving rise to a balance state G. = 0 in Eq. 2.

In terms of the construction of Fig. 5, the requirement for attaining such a

balance state is that the minimum in the G.(c) curve should intersect the c-

axis at nonzero a,.

However "good" we might regard the data fits in Figs. 6 and 7, we would

not suggest that we have proved the validity of the fracture mechanics

relations in Sect. 2. In particular, we certainly would not assert that the

results confirm the fundamental correctness of the hyperbolic form of the

intrinsic v-Ge function in Eq. 10. Nevertheless, we may feel confident that

the deconvoluted curves in Fig. 8 do faithfully represent the more important

quantitative features of this intrinsic function, including the surface energy

levels that define the thresholds.

In this context of velocity functions, we submit that caution needs to be

exercised in the interpretation of results from conventional large-crack

tests, because of the shielding effects associated with R-curve behaviour. In

an actual experiment one monitors the applied mechanical energy release rate

G., not the energy rate G. experienced at the crack tip. Thus the apparent

velocity relation, v-Ga, will generally differ from the intrinsic relation, v-

G., and, moreover, will be history dependent. An important factor is the
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starting location along the R-curve; larger starting cracks will experience

greater shielding, resulting in displacements of the v-Ga curves to the right

on a velocity diagram. Similar displacements may be anticipated at slower

loading rates. As an illustration, we show in Fig. 9 hypothetical v-G. curves

for our indentation-flaw, alumina-water system, generated from our algorithm

for three designated P-'8 combinations. We reiterate, these are the curves

that would be obtained experimentally if one were to evaluate G. = K2/EF=

#2o.c/E' (Eqs. 2, 3 and 11, K, = 0 = K.) from direct monitoring of the applied

load and the crack size. As foreshadowed, the displacements become more

pronounced with increasing load and decreasing stress rate. Such a history

dependence could account for the reports of progressive run-to-run v-G data

shifts in the literature [31-33].

Another distinguishing feature of R-curve behaviour is the "flaw

tolerance" referred to in Sects. 1 and 3.2 (24]. Again, we use the algorithm

to demonstrate the point, by computing hypothetical dynamic fatigue strength

af vs initial flaw size ci at prescribed constant stressing rates for our

alumina-water system. The results qf such computations for natural flaws

(i.e. Kr = 0 in Eq. 3) are plotted in Fig. 10. The strength values remain

relatively constant up to initial flaw sizes of several tens of micrometres.

Such insensitivity is attributable to the stabilising influence of the

(negative) Kh(c) function on the crack driving force, as reflected for

instance in the strongly diminishing G.(c) function to the left of the minimum

in Fig. 5.

This stabilising influence may be demonstrated more explicitly by

plotting out the complete evolutionary path to failure. It is a trivial

matter to extract this path directly from the algorithm. Thus in Fig. 11 we
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plot three oa(c) functions (solid curves) at constant 0 , for our dynamic

fatigue, indencation-flaw (P = 30 N), alumina-wacer system (cf. Fig. 6). The

final instability configurations cf (arrowed) in these curves occur at

relatively large crack sizes (cf. initial sizes ci, at a. = 0), the more so

the slower the stressing rate; indeed, at the slowest rate represented the

crack undergoes several hundred micrometres of precursor stoble extension.

For comparison, we include in Fig. 11 corresponding, bounding quasi-

equilibrium functions, computed using G. 210 (upper dashed curve) or G.

27, (lower dashed curve) in place of the v-G. relations in Eq. 10 as a

condition for extension in the algorithm. We note the tendency for the

fatigue curves at the extremes of the stressing-rate range to approach these

quasi-equilibrium limits: at fast rates the failure stress approaches the

inert strength, confirming that the crack spends most of its pre-failure life

close to G. = 27o; conversely, at slow rates the failure stress approaches

tht _atigue limit, indicating a pre-failure life perpetually close to G.

2-yj .

In conclusion, we have described a procedure for analysing specific

fatigue (constant stress and constant stressing rate) and material-environment

(alumina-water) systems. There would appear to be no restriction on the

general Zlexibility of the algorithm. In principle, any stressing state (e.g.

complex, cyclic loading), velocity function (e.g. air or other reactive

environment), or even R-curve mechanism (e.g. transformation toughening),

could be handled by suitable modifications to individual elements in the

formulation.
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FIGURE CAPTIONS

1. Growth of penny-like crack in bridging field; (a) side view, (b)

projection view. (Open squares are out-of-plane bridging grains.)

2. Coordinate system for crack-interface bridging. C denotes crack tip. Z

edge of the bridging zone.

3. Schematic v(G.) function in Eq. 10, plotted logarithmically on v axis and

linearly on G. axis.

4. Inert strength vs Vickers indentation load for polycrystalline alumina.

Data points means and standard deviations (minimum ten specimens per

point) in strength values. Solid curve is best fit obtained by adjusting

parameters in bridging model.

5. Plot of G.(c) for pclycrystalline alumina, Vickers indentation flaw (P

30 N) evaluated at constant 0 a = a, = 220 MPa (inert strength) and a.

a~lim= 130 KPa (fatigue limit).

6. Dynamic fatigue plot for polycrystalline alumina in water, for Vickers

indentations at P = 30 N. Data points means and standard deviations

(minimum ten specimens per point) in strength values. a, is inert

strength level, ali. is fatigue limit. Solid curve is best fit obtained

by adjusting crack velocity parameters. Dashed curve is equivalent

fatigue response for material without crack velocity threshold (Sect. 4).
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7. Static fatigue plot for polycrystalllne alumina in water, for Vickers

indentations at P = 30 N. Arrows at right designate interrupted tests,

overlapping data for ten specireens. Arrows at left designate breakages

during ramp loading to maximum applied stress, six specimens. Other data

points are results of individual tests. a. is inert strength level, a,,.

is fatigue limit. Solid curve is best fit obtained by adjusting crack

velocity parameters. Dashed curve is equivalent fatigue response for

material jithout velocity threshold.

8. Plot of the intrinsic crack-tip velocity function, v-G., for

polycrystalline alumina (solid curve) in water, as derA mined from fits

to fatigue data. Also included is corresponding function for single-

crystal sapphire (dashed curve), using data from Ref. (23).

9. Apint velocity function, v-Ga., for polycrystalline alumina in water.

Dashed curve (a) represents baseline zero-shielding limit (Kr = 0 = K$),

i.e. "true" crack-tip velocity function (v-G.) from Fig. 8. Solid curves

are for nonzero shielding, Vickers indentation flaws (loads P), dynamic

fatigue (constant stressing rates va): (a) P = 3 N, c. = 10+3 Ma.s-1 ;

(b) P = 30 N, Ca = 10+ HPa.s-1 ; (c) P = 30 N, u, = 10' MPa.s'I. (Note

expanded G scale relative to Fig. 8.)

10. Plot of dynamic fatigue strength af as function of starting size ci of

natural flaws (Kr = 0) for alumina-water system, at specified stressing

rates: (a) r + = 0+ ' MPa.s'; (b) + = 10+ Pa.s'1; (c) = 02

MPa.s"1 .
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11. PIot of fatigue ac(c) function for Vickers indentation flaws, P = 30 N,

in alumina-water system, at prescribed stressing rates (solid curves):

(a) a, - 10+" HPa.s-1 ; (b) o' = 10+1 MPa.s-1 ; (c) c, = 10-2 MPa.s-1 .

Also included are comparative quasi-equilibrium plots for inert strength

limit (upper dashed curve) and fatigue limit (lower dashed curve).
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13. "Cyclic Fatigue Beh-vior of an Alumina Ceramic With Crack-Resistance

Curves"
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Cyclic Fatigue Behavior of an Alumina Ceramic with

Crack-Resistance Characteristics

Srinivasaroo Lathabal,"• Yiu-Wirg Ma,* and Brian R. Lawn'
Ceramics Division. Notional Institute of Standards and Technology, Gaithersburg, Maryland 20899

The behavior under cyclic tension- lifetime, are consistent (within e.xperi* in Refs. I and 4) suggests that, within the
tension loading of an alumina mental scatter) with the data. The range of experimental scatter. this reduc-
ceramic with pronounced crack. results indicate that there is no signifi. tion can be accounted for in large pan by
bridging (R.curve) characteristics is cant cyclic degradation from potential the integrated effect of environmentally
studied. Tests on disk specimens with damage to the bridges, at least in enhanced slow crack growth. ' * Subsc.
indentation cracks reveal no failures the short-crack region pertinent to qucntly. cyclic fatigue stvdies have icn
below the static fatigue limit. Theoreti. strength properties. [Key words: crbideYo Ag'in. these studies demon-
cal predictions of the stress-fetime fatigue, crack growth, alumina, strae no definitive evidence of true cyclic
response, based on the premise that R.cune.) damage. Indeed. Matsuo et al. imply that
environmentalv assisted slow crack the fatigue failure times for their silicon
growth is the sole factor determining nitride are in accord with slow crack

growth alone.
IT IS well-known that the mechanical Most recently, cyclic fatigue crack

properties of metals and polyme's are propagation has been unequivocally
R W Sitinmech-tinabuing ediltor susceptible to degradation under repeated demonstrated.' °" 3 in a transformation-

loading. i.e.. "cyclic fatigue." Ceramics toughened magnesia-zirconia ceramic
,MaruLtipt No t9YS14, Received.Sawh 29. have generally been perceived as immune (grain size of 50 jm), using tension-PAY.9 ,,pr4u%,Cd.% !a 4.11989Sup~t t b)S ,Air r,,cc Oe o ,, svienc to such damage on account of their lack of tension loading of compact-te nsion

Roenatr crack-tip plasticity. Literature studies of specimens with "long" cracks (i.e..

Guc SAcniktin kme from Sh iepnnt or cyclic fatigue in ceramics arc sparse and millimeter-scale. large compared with the
NatS.lene andgiEnsCting. Lehigh Uniemitiy. inconclusive. Some early work on alu. microstructure). That work demonstrated

ctth ichem. PA. t ie0n mina"" rcport reduced lifetimes in cyclic crack growth in cyclic loading at stress in-cuo t & i t n t o tle'se1 l h i k lcp nn nt of

%tct.haml L:ngincteing. Uniniemi'i of S)dne. NoA relative to static loading, Howcver, analy- tensities significantly below those required
%'oth \,c , 2iK)6. Auiibai sis of some of these data ispecifically data to generate environmentally assisted crack
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growth in sustaincd constant loading. silh flaws in biaxial flexure in water. Exien. tal breaks; left aroA, dcignatc 'j'cwn,,
the extent of the shift in the attendant slive indentation.flaw studies on the se. that broke during ihe loading rmimp. right
crack velocity curves delpnding on the de. Icctcd alumina have been previously arrows dcsigna2. long .tcrm "survivors.* It
free of aging of thc material. The fatigue documcnlted: in inert.strength tests to de. is seen that the data scatter uniformly about
effect in that material was attributed, at tcrminc the R.curve paramcters:l and in the theoretical curve, which coincides
,cast in pan. to crack.resistance (R.curve) constant.stressing.ratc tests in water to de. with the fatigue limit (130- 10 MI'a over
behavior due to shielding by phase trans- terminc crack velocity parameters. : ' We most of the practical stress range. Any ad.
formation. although the detailcd micro- use these "calibrated" paramcters in a ditional fatigue effect in cyclic loading
mechanisms remain obscure. computer algorithm, tacitly assuming total should th:refore be manifest as failure

Hoyevcr. it is roww established that a reversibility of the bridging constitutive stresses belose this static limit.
wide range of nontransforming ceramics law during the loading-unloading cycle. The results for individual breaks in
such as aluminas can also exhibit R.curve to obtain a lifetime prediction for compari. cyclic loading tests are plotted in Fig. 2
characteristics, albeit via a different son with the data. The existence of a true for the two experimental frequencies used.
shielding mechanism. In these materials cyclic enhancement of fatigue should then Arrows at right again designate long-term
the predominant mechanism of R.curve be apparent as a systematic tendency for survivors. The data show a strong similar.
behavior is persistent grain-localized the experimental data to fall below the ity in form and spiead to those of Fig. I.
bridging at the interface behind the crack predicted stress-lifetime curve. The solid curve in Fig. 2 is the integrated
tip."' Key to te efficacy of the bridges theoretical piediction for sinusoidal cyclic
as toughening agents is the presence of EXPERIMENTAL PROCEDURE loading from the computer algorithm. prc-
internal thermal expansion mismatch The material used in this study was a suming slow crack growth to be the sole
stresses which "clamp" interlocking grains commercial polycrystallir.c alumina ce- source of fatigue and bridge displaccments
into the alumina "matnrix" on either side of ramic, nominally pure (<0.I% additive) during the unloading to be reversible tAp-
the crack interface behind the advancing with a mean grain size of 23 ;Lm.' The pendix). The level of agreement between
crack tip. The R curve confers the quality specimens were in the form of disks, ap. theoretical prediction and experimental
of "flaw tolerance"' and, because of Its proximately 22 mm in diamet r and 2 mm data is comparable with ilat in Fig. I. In
stabilizing influence on crack growth, thick. accordance with ihe assumptions above.
strongly enhances the "static fatigue" Controlled Vickers indentation flaws. ihe effect of cycling is simply to translate
limit. However, there is no direct infor- at a load 30 N were placed at the centers the fatigue curve to longer lifetimes, as
mation on what effect repeated loading of the prospective tensile faces of each seen by compaing the solid (cyclic) curve
and unloading might have on the bridging specimen. The specimens were mounted with the dashed (static) curve. The data in
mechanism. In this context we may note into a biaxial loading fixture, with a flat Fig. 2 do not fall below the static fatgue
that aluminas with more pronounced circularpunch ofdiameter4 mm on athree. limit, indicating that any subsidiary
R curves show a demonstrably greater sus- point support of diameter 19 mm. The mechanical damage mechanism, if pres-
ceptibility to wear in repetitive abrasion: tensile stresses in the loaded specimen ent. plays an insignificant role in the
this increased susceptibility is attributable surfaces were computed from thin, degradation process.
to cumulative augmentation of tensile in- plate formulas. This is identical to the Further indication as to a fatigue ef.
ternal stresses from the contact damage indentation-strength configuration used feet can be obtained by investigating the
rocesses. leading to &rain.bounday micro- previously" to obtain lifetime data at role of frequency. It is difficult to see any
fracture. : ' On these grounds we might static applied stresses, which we will distinction between I and 50 Hz data
reasonably expect analogous cumulative adopt here as a convenient baseline for points, within the scatter, in Fig. 2. Ac.
damage to the bridges in the repeated comparing cyclic loading data. cordingly. we replot the data on cumula.
loading of propagating cracks, leading to a The cyclic load tests were conducted tive probability diagrams in Fig. 3. The
degradation in the toughness and strength in sinusoidal tension-tension on a servo- stress range in Fig. 2 is narrowly confined
properties. By reducing the crack-tip hydraulic fatigue testing machine. The about the fatigue limit, so we include all
shielding, such degradation could give rise minimum tensile stress in each series of data in the probability plots so as to in-
to cyclic fatigue. tests was maintained at 20 MPa. but the crease the statistical sample. Whereas

Related effects on the fracture prop- maximum stress was adjusted to coincide there seems to be a significant shift in the
erties of alumina have been described in with the constant stress levels applied in number of cycles to failure, no such shift
compression tests on specimens with large the static loading tests (covering a peacti- is apparent in the time to failure. This is
notches."' There, "fatigue" cracks were cal range of I to 10' s in lifetime"). At further support for the exclusive role of
observed to initiate from the notches much least five specimens were tested at each slow crack growth in the fatigue response.
more effectively in repeated than in sus. selected peak stress, at frequencies of
tained loading. As in the interpretation of I and 50 Hz. in water. The timelcycles to DISCUssIoN
the wear results referred to above, the en. failure were recorded in each case. In all The preliminary results above are
hanced initiation is attributed to grain- tests the broken specimens were examined confined to one alumina material, and to
boundary microcracking. but driven now to verify that the failure initiated at the in- "short" initial cracks. Nevertheless. the
by notch.concentrated tensile stresses as- dentation site: exceptions were excluded study suggests that we may draw a rather
sociated with irreversibilities in the com- from the data pool. strong general conclusion: that. contrary
pression stress-strain cycle.:6 to the concerns expressed earlier, the

Our objective in the present study RESULTS micromechanisms responsible for the
hkas to investigate the effect of cyclic Consider first the s1atic fatigue test R curve in nontransforming ceramics ire
loading on the behavior of a coarse- results in Fig. I. from Lathabai and not necessarily deleterious to the r clhc
grained alumina ceramic that shows par. Lawn." The solid curve represents an ftingue response. We shall return to this
ticularly strong R-curve behavior, a priori prediction of the static fatigue re- important conclusion below.
specifically in the short.crack region rel- sponse. obiained numerically using a coin- To account qunatitla:el for the null
evant to strength properties. \Ve present puler algorithm*' based on a combined effect of cyctic loading on the integrity of
results from tension-tension cyclic loading R-curve and crack.velocity.cuive analysis the bridges for our indentation flay.s. i is
of specimens with .ontrolled indentation (Appendix). the paraneters used in this nc.essjar to resort once more io numcri.il

analysis were "calibrated" from the inert algorithm. The algorithm contains Con-
\ ,%,i ftrade .1.0,. Coots Cctami,' Co . strcngth and constant stressing rate data pleic tstcpwisc) information on the crack

Golden. CO for our alumina in previous experiments." evolution for indentation Ila\ % in our'InIron D~nimik Ttmug Slithine 119D. inlwnC', '.nn QJA The data points are individual experincn- alumina-watcr svstcn. Accordinelv. %e
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predict strength behavior. where P. is Young's modulus. The upper 'D A Kwhi And 1) P 14 liaj'eirtn. 'Staic

The present results have important lititit. i'1 (d. Is (half) the diplacentil at 4" ). 'M ii'U~aio1 iii lIsithailinic Alto,

Implications. Ceramics processors might the edge or the bridging zone. calculableic'JAnCra ~ 5 14 :64 119.1

seek to tailor microstructures for optimum front an expression for the crack profile. " ~ Matre Sir Let# 11 l

R-ciirve proprties.' However, there is al- This formula is used in conljunctionl with 1137.6i1197s)
ways thc concern that such optimization at Eq. (A-1) for both loading and unloading WAO Evans And C Kt ruutt. -04r4 I~iopa,

lion in Cea~mk caaict-3ts UnderJc C)..ilc Lo4adifF co'n,
one extreme of crack size could lead to half-cycles. implying full revcersibility in Tran, .5111 ,7_,,1 m19t,

deleterious behavior at the other. We men. the bridge-sliding response. 14% i is.I'

tioned the inverse reainbetwcen long- (III) Crack velocity relation: The fr,a,. 11) AI5s. 910 Kataima I
crac toghnss ad war roprtie veociy fnctin ued s ahyperbolice ' Malmo. Y at11tsr.V avs .. 14

earlier. Thc present results suggest thaot sine." based on the underlying notion of IFu"ja 'C~clic Fatigue ihioorCam'.
pp 354!-2 In Nosetit in Nittes(is CraffK% U110n

similar grounds for concern with regard to stress-cnihancocd thermal activation over by L Rtilcy. .iastwout Nijholt. The lquc. the
a potential correlation between R-curve atomically localized energy barriers. Nittlitands. M93

andcycic-oadnj tregthproertesT KsA'aubi and K. Kome~a. -Static ad C).
anud cyovei to bed n wasreangthd pr pe ti s Fatigue I haaiot of a Stateed Sitiwo MNik at

couldG.-v prove tob[narne. ~(G. -2-y,)/2ri Rtoomn Tempeatue.' J Amt Cetrawt Soc ,70 (6)
400-405 119,1118.

(2'y,:G.:;2yo) (A--Ia) toi1 M su~. T Soma. M M.tiii. AndI I Oili.
'C),tIk Fatigu~e of Sintertd Sri,;,." Ceamt Eng St

v(G.) nO (2y,>G.) (A.4b) "s1v - oh 9 n 19 Su0t1 VFtiu Uehw 1.1r$1

Siiirtu Sic. Temperatc Desxndencc AM Effe'rt or
Doping with Aluminum-J 31-ncr Sr . :3. M503-1)

APPENDIX where ya and yt are surface energies in O RH auiri.WY.anl. Rthe

The algorithm used to compute life- vacuum andz reactive enivironomnt. respec- "Fatigue Crack Propagation in Tran(orrnation.
*times for alumina with R-curve character. tively. and ra and r ame adjustable param. Toushitned Zircoools Cramic.' J Ain Ceram Sme.

istics combines the following fracture eters. Note the provision in Eq. (A-4) for 'it1101 C.2-4-C. ti917i

mechanics elemnrts:" a threshold. consistent with the existence ". Ic. ~l Fatiguet Dract I aatindi

(i) Fracture mechanics relations and of a natural static fatigue limit" To con. Cetmics. lehaviar in Oier3$ed idj 1 411131).
R curve: First, a relation is written for the nect Eqs. (A-I) and (A-41, wc use the fa- ~bl~d cca to be published in Fracturc

net driving force on a crack in a material miliar' relation G..11E. The adjustable SItchiniuStruIUC3i Ceramics, iitateiait RceSAic
with crack-lntedface bridging. The stress- parameters in Eq. (A-4) have been evalIu. "oHet. lilotAnde W MiA . S fliiCrc
intensity factor K, at the tip of crack ated from constant sitssing rate data.:) E~tornion and~ cratk Resistance in Pol)iqtallinc
length c is given by (iv) Fatigue and lifetime relations: Alumina.' J Maurr Sci . U. 117-2 .5 19771

The time to failure can be computed nu- "It W Stilarchl. R Kroehanw. and '
Schaaa'achwer. "itrae of Crack litirmuanict Dunni
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ressfuncion cr"or'(). , Maer Sri . Is. 265-10 019831
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Grain Site OR the CrACk Resistance Cuonei of AI.O.

47, - conit (ttc)(-a bead Spedmens '. pp. 61)-19 in Science of cram'

where A,(c)-qk'o'c'" relates to the applied (satcs(-S. Vol. 12, Edited by P Vincenzo Ccramutgi~a.
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jourat -Grain-Size and R-Curve Effects in the

Abrasive Wear of Alumina
Seong-Jai Cho.' Bernard J. Hockey: Brian R. Lawn.' and Stephen J. Bennison*

Ceramics Division, Notional Institute of Standards and Technology, Gaiihersbuig. Morylond 208I99
Results of sliding wvear tests onl thr-ee pending strongly on thc nticrosittictural Accordingly. alumina specimens
alumina ceramuics with ditifferentr grain makeup. has lcd to some contradictory fr~ wear testing were prepared by hot-
si.-es are discussed in the light of crack- conclusions. Indeed. from machinins tests pressing. Thc starting material was ultra- 9

resstace R-crve or~cuvc)chaac- on alumina ceramics that differ only hith-putity alumina powder" doped withresstace R-un-, o T-unc) harc- in microstructure, ic appears that the nmagnesia solute additive. Aluininas with .

tensil. aft ere of ciia iincprases machining raite actually increases with thc thrcc grain sizcs, (114. S. and 20p ;in (as
arupeting aftera citical sli dinorperiod. toughness.* at least with thc toughncss measured by a lineal intercept method").

refectng trnsiionfro deormtio. ncasur-d in traditional lakrgc-crakck test wcrc fabricatcd by suitablc adjustment of £
controlled to fracture -controlled specimens. Accordingly. when specifying the hot-rssing cycle.
surface removal. This transition occurs toughness parametcrs (or ceramic ma- The corresponding wear data arc
at earlier slidfing times for tile aluminas tcrials in the context of wear properties. it shown in Fig. 1. (These data represent just ~
With the coarser-grained mticro- has become neccssary to tmake duc allow. part of a broader. systematic study in our
structures, indicative of anr inherent ance (or thc mierostructural scale of the laboratories of wear transition behavior i~n
si.-e effect in the itear process. A sim- fracture Process- ceramics, to be presented tlsewhec.")
plistic fracture mechanics model, In this work we present some new The test geomectry (or the data in Fig. I is
incorporating the role of interntal data on microfracture-asso3Ctd abrasive that of a rotating sphere (silicon nitride.

wear, or alumina ceramics in which grain- 12-inni diameter, 450-114 applicd load.
ithe ra easiotnc mschrcstsse size effects art apparent. We show that it 100 rpmn) on three flat specimens (alu-

in he rac-reistncechaactrisic, is necessary to consider specific details of mina). The three specimens arc aligned
is developed. The results suggest an material removal in relation to the under. with their surface liormals in tetrahedral
inverse relation bern'een it-ear resist- lying mechanisms that determine the coordination relative to the rotation axis or
ance and large-crack toughness T-curve behavior. We also show that the the sphere and are mounted onto a bearing
for ceramics wvith pronounced R- resistance to fracture-associated surface assembly to ensure equal distribution of
curve behavior. (Key words: alumtina, removal in these materials is least (or the applied load. All tests were run at
R curve, wear, brittle materials, alumina materials with the greatest roonm temperature with purified paraffin
grain si.-e.) large-scale toughness, i.e., in the coarser- oil as a lubricant. Wear is quantified by

grained materials. Following an earlier the ensuing scar diameter on the alumina
hypothesis by Rice andi co-wockers,"" we specimen surfaces. Figure I shows that

T i-brittleness of ceramics can lead to argue that this seemingly contradictory the scar diameter increases monotonically
rapid wear by microfracture in severe relation between wear resistance and tra- with sliding time. In the initial stages. this

local-contact conditions. Erosion by par- ditional toughness parameters is linked increase is relatively slight. indicative of a
ticle impac'adsraermvlb to the presence of residual stresses in in- deformiation-controlled removal process.
machiig arc two documented cases in dividual grains, and that the influence o( and is independent of grain size. At a
point. Theoretical treatments of contact these stresses on the contact- fracture proc. certain critical sliding time, however, the
fracture mechanics' indicate that the asso- ess is manifest as a microstructural size scar diameter (or each material increases
ciated wear rates should be greatest (or effect. abruptly: moreover. the larger the grain
materials with the least toughness, T. 1 The
experimental erosion evidence.' embrac-so
ing a broad range of brittle ceramics. A1203
lends some support to this contention.
However, the growing realization that the IIn 20 pm I aitm/4 Pm
toughness of a given material can be .360-
a sensitive function of the crack sizeI
CT-curve, or R -curve behavior)."" de-.v i" /

R.W. Rice-coombuting edior

M-lauscflF4 No 191131. Received October 20.
1969: approved December S. 1955. r

5upored in pants by t U. Air Force Ofieo
Sciaic rReseachand y the Ga% Rescarch Institute.
The --wk or s.I. Cho was supponed by the Korea Sc.______________

*M4ember. American Ceramic Soci t.1 0010
'Guest scietit on lustc from the Lie& stand. Sliding Tim. (min)

3rds Research Institute. ichongnamn. 300-31. Korea.
'Guest scientist on leave from Use Depanraent or Rig. 1. Wear data for nominally -purc- alumin~a ceramics

Materials Science and En !netting, Lehigh IUeibrerity. of three ;rain sizes. t. Room-temperature data for rotating
Bethlehemn. PA 11015. silicon nitride sphere. 12 mm in diameter. 450-N load. on

41ge crack-iizt-deptrndeni 'loughnesV" (T) is at. niat specimen, paraffin oil lubricant. Note initial slow.tentatively referred to as K, in tlie fracture mechanics steady increase or scar diameter with sliding time, followed
literature and is related to the -erack resistance" (R)b bp rniint eeewa tciia ldn ie
by T-.RE)". %ith E as Youngs modulus. Sbiin a imbrup oseto transition ditose seeewa tc i nitica dn tme

,AKP.IIP r-A&der. 90 99%~ pure. 0.S.,um crntI. Siitm for thoanset o mtraso dienilshed ines rct%
lite size. Sumitomo Chenica America. Inc .'.New frtelre ri-iemtras etcldse ie i
Yok NY theoretical predictions of the transition times.
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Iromt an 11CiVderntlet %tuijl tit' the toiigh.

for Increagcack feL eiatae. in 'thich

retied o'er fattiet ivcis~ion%. but thtI
OC1ten'n'n pro%.cd% the interface i% ttlcrc4,-v
iiutly btidgc byv re'tWinn. intrlikIn

3~~i% I lice 1% 'tong Ph1%'tcl tu't11uc.
tion for this miodel tront diteet oh'-cr'.I-
ti0"'i t crack gro'tth in .alumnina and m'her
%xrantics. ' Key tit the bridging proccvt
i* the presence or internal tib rm3l c'rpfl

in mismatchl %Irc%3.e in the nioncubhic

alumina Inlatr" at %mail crack ste, %-.

.1, . ntilally in region% where these internal
Fit 2 Sewarnn Clet10 roa .e'riph of the 's$a sufflace 4 am. %S r esl.efcieyrdcn
pawoftu alumina alter ttano'to N ot estiteir %:wksa A the trfain teItisc rf-orjyiuhi%

fOtIaNtP ViJa 3dominating nlecti
sitt. she earlier this transiton occurs. The just after the onfset oft ransition The Coulombic fricttonal fractions~ that rcki't
coarser material I,. clearly more %u'eetp. pristine material in Fit .1A) shows aI puillttat otf bridgting graini. From the fact
uibli to %tvcre surface degradaion relastivelv '*clean." ic. Ji~docation. fre, that thiefinal foughntv teiets the initial

Examination of( the specimen %.ur. martructuwe Noic the presence of woid. toughness in the plots of Fig A. -At 'AcC
(set- inditest thA the abrupt trans4itiont to like Met tinhetunt potow.ty after hot. that the deletrious effect of the internal

wvcf wer isiociatedl % ith the onset of pres-ongI at many of the triple point' of 'itess wt low I, is more than oulitigte
trainloca Ine ic rofac turte. Tht wan. the -ri~ naysiructurt The -Aorn by the countervailing influence of the

ntns electrn microsraph in Fir 2 thlui. material in Fig rBI 4hOWN *evere accu.- hrifint elements at larle I- Sim~ the
traits the appearance of the Vta: sur face mutation of liocationt pileups and t%% on% maltnitude of the uitcrnal stresses or?, i
of the A.,&m-rain-we alumina after the with strong crystallolraphic features. EAVT %%here K. is Wouigs Modulus.
tfrlt--stson. btore thet transistors. the dam. characteristic of abrasion damalge in cc . u I( i the ditfferential impansion coe~fti
age showms ontuy motsih scratches. typical ramief.." At the same time. the triple. ciet. and %r Is the quench mpenisriture
oit a defistmation-cisatrolki %war psrocess. point defect structure has apparently tinget sw ieenfdtl ot thit at it':,,
In Fig *I. ona the other land. Ac set adds. evolved into in interconnected grain. The tcnden.cy ton the curves in Fig J1 to
tional. severe damage in the form of boundary micreracking paittrn Noite also cto"s each other I% therefore jimiewcil
extensive cracking aiotin the grain thet presence of dliffractiont bend contours. 'tith Ani inherent platial sealing effect. %it-
boundaries. iiiith dislodgement or individl. Indicative of substantial daniage-induccd terininedi ultimately by the crack extension

ra w and isvictated wecar debri. residual stres in the toil distance betiwn restraining bridges, the
Transmission electron nucrotopy To explain thet rtwlt. wec need ito bridging distance I% in turn proportional ito

providesi further clue'i to the trantson elaborate oin the nature of the toughness the grain site *,'hus, in the region or
metchaism Figure .1 sho*t.. microfgraph% versus crack-size function tthe: r curvci greatest pertinence to %%tan Processes ti.C.
of (oil% tiveparcii by thinning from helow for alumina. In Fit 3 %%t plot this tunc. small c 1. the resistance to crack exten'ton
the Ito ;uface"t of the same: alumina at tioal dependenrce fix the three train 3-u" for any gtvcn material tend% it) iti intni
in-FiS. 2 outside and inside the worn ares invirifilaied in Fit. 1. usingj computations mum value; moreover. this minimum i%

Fif 3 Trantinm~ion dlcrtn inictograph of sameff alunn in Fit 1 o-N %-ut~tidnJ thi inside %%cat war *Ueutsultaion of we Coniact.J~iiiee
Aitw 41C responsut'te t rtori.hting the t1. repiesent inple.pouni dewitms sderi in tAi or wubwqueni Jariugc~un.u.cd JCic.Tist it, lornil grjln
N'ujarv iiue1'rm10Ing P.1i1cm
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dimension C. 'Aith (triple-pintl Woundsrv fliws.
Fig. A. Toullhness versus craek-sitc function (T curve) dimension co. Flaws -Acre subjcctcJ ;o ten'ilc
lor the three jf31n-ui1C alumin4S Invetigated int rig. 1. eOMrOnent$ Of JiMterna $tfesses uP1 and datiuge
Curivs calculated fromt tQughniCSS flel based onl 3 cr'ack. stresCs tu'.
interface bridling mechanism. from Ref. 14. Note itendeny

* (for curves to cross each 04We.

strongest In those materials with the maxl- where .1u is a crack-geonictry coefficient the initial stages of wear in Fig. 1). then we
mum largcrsck toughness. These trends (3hr 1 for penny-shaped cracks. The may make quantitative predictions of the
are in essential 2grcemen with those re. equilibrium in Eq. (2) is unstable and may trends for the transition regions, Th: venti.
ported by RiCe and cower.*," be achieved at tither critical ( or critical cal dashed lines in Fig. I correspond to

With this background. we may dc. (r -such predictions for a stress-3c:nu lat ion
velop a simplistic fracture mechanics de. Critical (mtC. corresponds to sponta. rate dram5 NINs".
scription Or the wear results. We suppose ncosis microfracture at urnmO: this relation Our simplistic model is able to ac.
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ABSTRACT

This article traces the historical development of the understanding of
the role of MgO in the sintering of Q*Al1 03 beginning with the pioneering
work of Robert L. Coble - the inventor of the Lucalox* process (1,21.
Conriderable controversy has surrounded this topic and many varied
interpretations of the role of MgO have been proposed-over the last 27
years. Nonetheless, steady progress has been made during this period and
the role of KgO is understood, at least phenomenologicaly, to be the
control of grain boundary motion through a reduction in grain boundary
mobility. The main obstacles that have hampered progress over the years
are identified and the critical experiments and theoretical contributions
that have helped overcome these obstacles are discussed in detail.
Remaining challenges concerning the detailed atomic mechanisms responsible
for the function of MgO are also identified.

I. INTRODUCTION

Since the discovery of the Lucalox* process by Coble (1,21 in 1961, a
steady succession of papers have been published addressing the role of
magnesia in the sintering of alumina. The majority of these are presented
chronologically in Table 1 and are conveniently classified into two groups
depending on whether the work was concerned mainly with sintering per so,
or with analytical/diffusion type studies relevant to the problem. The
total number of papers published addressing the issue of the role of MgO in
the sintering of A120 3 is approximately 60, which corresponds to an average
publication rate of approximately 2 papers per year over the past 27 years.

We present in this contribution a historical account of the development
of our understanding of the role of MgO in the sintering of alumina,
beginning at the time of Coble's discovery. We spend more time on the most
influential experiments and/or theoretical contributions and also at times
deviate slightly from the strict chronological order to develop the subject
matter as logically as possible. Following the main review we present a
summary of the state of our understanding and identify the unresolv,!d
issues concerning this subject.



Table 1. A chronology of papers directly addressing the role of MgO in
the sintering of A1 2 03 published during the past 27 years.

Date Sintering Studies Analytical Studies

1961 Coble(1)
1962 Coble(2J, St. Pier&-* & GattIlt3J,

Coble & Burke(41, Cobl*16), Bruch[71
1963 ..ohnson & Cutler(S)
1964 Jorgensen & Wstbrook(9J
1965 Jorgensen(10]
1967 Warman & Budworth(11]
1968 Brook(121 Roy & Coble[141
1969 Brook[ 13)
1970 Budworth(15], Haroun & Budworth(161 -.Tong & Williams(171
1972 Prendergast, Budworth & Brett(18] Marcus & Fina[19J
1973 Hocellin & Kingery(20J
1974 Jorgensan(211 Taylor, Coad &

Brook( 221
1975 Paelan(23] Johnnson & Stein(241
1977 Jrnhnson(25J
1978 Johnson & Coble(281 Cannon & Coble(29)
1979 Harmer, Roberts & Brook(301, Heuerf 311,

Honohan & Halloran(32)
1980 Harmer & Brook(33), Bannister[34), Clarke(371

Hauar(35J, Burks, Lay &Prochazk&[36]
1981 Harmer & Brook[381, Franken & Gehring(39)

Yan[401
1982 Brook(42), Glaeser & Chen(44] Monty & Ledigou(411

Dynys(43)
1983 Handwarker(46J, Bennison & Harmer(47), Bennison & Harmer[48]

Bennison & Harmer(49)
Harmer, Bennison & Narayan(50]

1984 Harmer(51], Lynch(52)
1985 Bennison & Haruer(53), Baik, Fowvler, Blakely

Bennison & Haruer(54J, & Raj [55)
Brook, Gilbert, Shaw & Eisale(58]

1986 Berry & Harmer[59J, Shaw & Brook(60] Baik[611
1987 Zhao & Harmer(62J, Kaysser, Sprissler, Jardine, Mukhopadhyay

Handwerker & Blandell(63), & Blakely[661
Wang & Harrner(64). Shaw(651 Baik and lWhite(67)

1988 Bateman, Bennison and Iiarmer[68), Kukhopadhyay, Jardine
Handwerker, Dynys, Cannon and Coble[69) Blakely & Baik(70)

Total k47 17



II. HISTORICAL REVIEW

II.i) Late 1950's - Early 1960's: The Discovery Period

The invention of Lucalox@ I resulted from an ongoing research effort at
the General Electric Company laboratories in the late 1950's, aimed at the
development of containment tubes suitable for use in high-pressure sodium
vapor discharge lamps. Trials with single crystal sapphire tubes had
demonstrated the suitability of A1203 , however, the cost factor and shape
limitations associated with the use of sapphire made it necessary to
attempt the fabrication of tubes from polycrystalline material. The
primary difficulty with the use of sintered material was its inherent
opacity due to the presence of porosity, other second phases and grain
boundary cracks. The main obstacle, therefore, in the development of a
translucent polycrystalline alumina, was the removal or the prevention of
these microstructural features during sintering.

The first attempts concentrated on the use of complex firing schedules
and the use of special firing atmospheres. A translucent material was
fabricated by St. Pierre and Gatti [3] from high purity (-99.9 %) alumina
by way of a two-stage firing employing a hydrogen atmosphere. Coble
however, found that the process would not work in the absence of magnesia
vapor, which was provided accidentally in the firings of St. Pierre and
Gatti by the furnace refractories. Coble subsequently identified magnesia
as the critical additive in tfhe sintering of alumina to high density. He
showed that doping with 0.25 wt. % magnesia enabled alumina to be sintered
to a low porosity, translucent state, after firing at high temperatures
(-1900"C) in a hydrogen atmosphere (see figure 1).

II.ii) Initial Theories - Coble and Burke (1,41

Coble observed that magnesia additions had a dramatic effect on the
microstructure of sintered alumina (see figure 2). Undoped alumina
developed abnormal grains which produced very non-uniform microstructures
with many pores trapped within the large abnormal grains. With magnesia
additions, abnormal grain growth was inhibited and the resultant

microstructures were very uniform and dense and the pores remained attached
to the grain boundaries. (Burke had demonstrated previously [5] the
importance of keeping the pores attached to the grain boundaries in order
to achieve high densities during sintering).

In nineteen sixty-one, Coble [1] analyzed the kinetics of densification
and grain growth for undoped and MgO-doped alumina and postulated
mechanisms for the function of magnesia as a sintering additive. He
observed that additions of 0.25 wt. % MgO to high-purity Linde A alumina
increased the rate of densification during isothermal sintering at 1675°C.
However, the MgO was found to have no influence on the rate of normal grain
growth during sintering. He hypothesized that densification was controlled

1 The trade name for transLUCent ALuminum OXide



by lattice diffusion of aluminum ions while oxygen was transported along
the grain boundaries.

Initially Coble offered four possible explanations for how MgO might
inhibit abnormal grain growth in alumina. First, there was the second
phase pinning theory which asserted that magnesia, in excess of the
solubility limit, could form precipitates of MgAl204 spinel which could pin
the grain boundaries and inhibit abnormal grain growth. Second, tha solid-
solution pinning model proposed that MgO could absorb preferentially at the
grain boundaries and inhibit abnormal grain growth by decreasing the grain
boundary mobility. Third, it was speculated that magnesia could change the
grain growth inhibiting effect of the pores by altering pore shapes. This
would result from an alteration of the surface energy to grain boundary
energy ratio. And fourth, the solid-solution theory assumed that a minimum
amount of time was required to nucleate abnormal grain growth after
reaching a critical density. It was argued that magnesia enhanced the
densification rate relative to the rate of normal grain growth so that
there was insufficient time for the formation of abnormal growth nuclei.

Given these four possibilities, Coble favored the solid-solution theory
since each of the other mechanisms predict that the rate of normal grain
growth should be inhibited by magnesia additions. Coble concluded ..

"In controlling the sinterability of alumina to theoretical density,
it appears that magnesia does not "inhibit" discontinuous grain
growth but instead increases the sintering rate such that
discontinuous growth nuclei do not have time to form."

No detailed atomic mechanism was invoked to support this interpretation at
the time.

A few years later in 1963, Coble and Burke [4] reviewed the matter
again. They ruled out the second-phase pinning theory once more but this
time based upon micrographic evidence that indicated there was insufficient
second phase present for this mechanism to operate. They further concluded
the solid-solution theory to be the most plausible description of the role
of MgO. They did however, reconsider the solid-solution pinning model and
argued that this mechanism should not be totally ruled out just because MgO
was found to have no effect on the average rate of normal grain growth
during sintering. They argued that solute pinning could limit the maximum
grain boundary velocity of an abnormally growing grain, so suppressing the
spread of abnormal grains, without influencing the grain boundary velocity
of the normally growing grains whose growth rates would continue to be
controlled by the attached pores. It was finally concluded..

"Under certain conditions any of these processes might operate, and
other, independent measurements are necessary to decide between
them."

The effect of firing atmosphere also came under study by Coble at this
time (6). He showed that the atmosphere had to be soluble in alumina in
order to sinter MgO-doped material to theoretical density. Where insoluble
gases were used, shrinkage was found to be terminated when the gas pressure
in the closed pores balanced the driving pressure for shrinkage resulting



from the surface energy. Thus, HgO-doped alumina could be sintered to
theoretical density at high temperatures in hydrogen, oxygen or vacuum but
not in air, nitrogen, helium or argon.

II.iii) 1964: Jorgensen and Westbrook (9,10]

In 1964 Jorgensen and Westbrook (9) published a classic paper in which
they presented indirect evidence for magnesium segregation to the grain
boundaries in alumina. In one set of experiments they measured the
microhardness profiles across grain boundaries in undoped, MgO-doped and
alumina doped with a variety of other additives. They observed a strong
peak in the microhardness profile at the grain boundary in the magnesia-
doped alumina and presented this as evidence for grain boundary segregation
(see figure 3). They also observed an increase in the alumina lattice
parameter with increasing grain size, which was taken zs further evidence
of grain boundary segregation. It was noted, however, that the cooling
rate had a strong influence on the magnitude of the observed lattice
parameter changes. They further examined a range of different additives
and were able to correlate the effectiveness of the dDpant as a sintering
aid with the degree of segregation inferred from the degree of grain
boundary hardening. Nickel oxide was found to behave similarly to magnesia
in controlling microstructure development and also showed apparent
segregation. An autoradiograph of sintered alumina doped with a 63Ni
isotope gave clear direct evidence of grain boundary segregation of nickel.
Given the similarities between the two dopants, this was taken as a strong
indication that magnesia would also segregate strongly to grain boundaries
in alumina.

Jorgensen [101 subsequently repeated earlier experiments of Johnson
and Cutler (8], on the effect of MgO on the initial stage sintering
kinetics of alumina, together with Coble's experiments on the effect of MgO
on the kinetics of densification and grain growth. He confirmed the
finding of Johnson and Cutler that magnesia additions decreae the
densification rate during initial stage sintering. During the later stages
of sintering he found that magnesia additions inreased the densification
rate (as observed by Coble) but he also noted a decrease in the average
rate of normal grain growth, which was contrary to the observations of
Coble. Jorgensen attributed this discrepancy to the fact that Coble had
fired the undoped and magnesia-doped samples adjacent to one another in the
furnace. He argued that magnesia could have transferred to the undoped
samples unknowingly by vapor transport. 2 Jorgensen's data indicated that
the densification rate of alumina was enhanced indirectly due to the
retardation of grain growth by the magnesia. 3 He proposed that the

2 Bruch (71 had shown that the surfaces of MgO-doped A1203 generally
contained abnormal grains which resulted from magnesia loss at the surface
by evaporation.

3 The sintering models developed by Coble (1] predict that the
densification rate varies with the reciprocal of the grain size to the
third or fourth power for control by bulk diffusion or grain boundary
diffusion respectively.



magnesia inhibited grain growth by a solute pinning mcchanism. The direct
effect of the additive on densification was assessed by comparing
densifLcation rates at constant grain size. The analysis revealed that
magnesia additions decreased the densification process directly either by
lowering the lattice or grain boundary diffusion coefficient, or the solid
- vapor surface energy. Jorgensen used a defect chemistry approach to
interpret the results invoking that the incorporation of Mg2' impurity ions
promoted the formation of oxygen vacancies (V;') as the compensating
defect for Mg.,. This in turn, it was argued, would suppress the
concentration of aluminum ion vacancies (VAt') through the equilibrium
reaction for Schottky defects. Thus, with the sintering rate cc A CC

(VALj cc (MgAf]-2 /3 the effect of MgO on the densification rate could be
explained. These findings ran contrary to the. solid-solution model
proposed by Coble from which one would have expected magnesia to increase
the densification rate.

II.iv) 1964 - 1972: Solute-Pinning theory Gains Acceptance

Following the work of Jorgensen and Westbrook th solute-pinning theory
became widely accepted. Warman and Budworth (11] were amongst those who
accepted the proposition of solute-pinning. They also drew attention to
the importance of the volatility of the additive; a high degree of
volatility was argued to be necessary to obtain a uniform distribution of
the additive during firing. They further confirmed that alumina could be
doped with magnesia via vapor phase transport. Warman and Budworth (111
investigated the effect of a variety of additives on the sintering of
alumina and showed that the criteria of ionic size, cation valence and
additive volatility could account for the success or failure of a
particular compound as a sintering aid. In a review article, Budworth [151
published criteria for the selection of sintering aids for alumina that
function via the control of grain growth; he argued that grain boundary
"films" offered the most viable mechanism responsible for such behavior.

Haroun and Budworth [16] conducted further studies of the effect of
MgO, ZnO and NiO on grain growth in alumina. They concluded that, at a
dopant level of 0.25 wt. %, the additive was present as discrete
precipitates and a grain boundary film. They noted that a minimum amount
of additive, approximately 0.05 wt. %, was necessary to control grain
growth; this level corresponds to a film thickness of approximately 0.5 nm
for a grain size of 3 pm. The observation suggested that the minimum
amount of grain boundary phase required was the amount necessary to produce
monolayer coverage of the grain boundary interfaces. Prendergast, Budworth
and Brett (181 determined the optimum conditions for producing dense fine
grained MgO-doped alumina. They discovered it was important, from a
practical point of view, to prefire the powder compacts (-1,000 - 1,2000C)
prior to sintering to aid the distribution of the additive.

Mocellin and Kingery (20] studied the effects of second phases (pores
and spinel precipitates) and atmosphere on the microstructure development
and grain growth kinetics in alumina. It was demonstrated that grain
growth was controlled by pore drag throughout the majority of sintering for
both undoped and MgO-doped material but at very high densities (>98%)
motion of spinel particles for the MgO-doped material controlled grain



growth. All the kinetic data collected could be fitted with a cubic growth
law. They concluded therefore, that kinetic measurements alone were
incapable of distinguishing between the different possible ate controlling
mechanisms.

To this point no direct evidence had been obtained to skow that
magnesia did segregate to grain boundaries as would be reqt. jd if a
solute-pinning mechanism was responsible for the function of gO. There
was also some reason to doubt the solute-pinning mechanism because none vf
the samples studied thus far had been single phase and, therefore, it had
been impossible to unequivocally rule out a second-phase pinning mechartsm.

In 1970 Tong and Williams [17) conducted the first direct xicrochemical
analysis of solute segregation to grain boundaries in MgO-doped alumina.
The technique of spark source mass spectrometry was employed in which
material is removed from a region apprcximately 0.3 pm deep by striking a
spark onto the surface of interest; the vaporized materia) is then analyzed
using a mass spectrometer. A comparison was made between the bulk and
grain boundary chemistry by comparing the analyses ofa polished section
and an intergranular fracture surface. A factor of 8 increase in magnesia
concentration at grain boundaries was reported together with a factor of 13
increase in calcia concentration. Unfortunately no details were provided
of the composition or thermal history of the alumina studied so no
conclusions relevant to the role of magnesia in the sintering of alumina
could be made. This work led to a succession of studies carried out in the
1970's of grain boundary chemistry using more sophisticated surface
analysis techniques. We shall see that the results of these studies raised
significant doubt as to wheither MgO did segregate to grain boundaries in
A1203 and thus whether it could inhibit grain growth by a solid-solution
pinning mechanism.

II.v) 1972 - 1975: Search For Grain Boundary Segregation

Marcus and Fine [19] used the technique of Auger electron spectroscopy
(AES) to characterize grain boundary chemistry in alumina. A piece of
Lucalox* was fractured in the high vacuum chamber of the instrument and the
intergranular fracture surface analyzed. No magnesia was detected in this
study but, surprisingly, strong calcium segregation was observed. The bulk
calcium levels were on the order of 10 - 15 ppm, whereas the concentration
at the grain boundaries was of the order of 2 - 5 %, corresponding to an
enrichment of some several thousand. The calcium concentration profile
away from the grain boundary was determined with the aid of ion sputtering;
the calcium was found to be confined to the first few monolayers at the
grain boundary. It was postulated that calcium segregates more strongly
than magnesium because of its larger ionic radius and correspondingly

4 Roy and Coble [14] determined the solubility of MgO in A1203 as a
function of composition and atmosphere by lattice parameter measurements. It
was found that the solubility limit was much less (e.g 250 ppm at 1,630°C and
1,350 ppm at 1,850°C in vacuum) than the concentrations commonly used during
sintering (typically 2,500 ppm).



larger lattice strain misfit.

Taylor, Coad and Brook 122) carried out a similar study using x-ray
photoelectron spectroscopy (XPS) which can detect lower concentrations of
magnesium than AES. In this work magnesium was found to be enriched at the
grain boundary by a factor of two over the bulk levels. Strong calcium
segregation was confirmed.

Johnson and Stein (24) conducted a detailed study of grain boundary
segregation in an alumina doped with approximately 1,000 ppm MgO. A
scanning Auger microprobe (SAM) was used in this work which has superior
lateral resolution (-5 pm) compared to the instruments used to this date.
The study showed that most of the magnesia on the intergranular fracture
surface was confined to a MgAI2O4 spinel second phase. Analysis of areas
not containing spinel precipitates indicated that magnesia was not
segregated to grain boundaries in significant amounts. Johnson and Stein
also demonstrated that spinal precipitates are preferentially removed
during ion sputtering and concluded that concentration profiling using this
technique yields an apparent profile which is an artifact. They further
confirmed segregation of calcium -t concentrations of-several thousand
times the bulk level but found the degree of segregation to be very
sensitive to the thermal history of the specimens.

This latter finding supports a key point made by Kingery (26] in a
review article which reads...

"a large fraction of the grain boundary solute segregation observed
at temperatures below an equilibrium temperature forms on cooling."

This point was also recognized by Jorgensen [21] who agreed that many of
the observations of segregation over wide regions from a grain boundary
(including his own earlier work (9)) were probably the result of
segregation induced by slow cooling. This gave further reason to be
cautious of any result which showed magnesia segregation in alumina,
because most samples studied were erom a commercial source where typically
materials are allowed to cool slowly from the firing temperature. 5

By 1975 considerable doubt had been raised as to the validity of the
solute-pinning theory because of the inability to detect magnesium
segregation in alumina. Several papers were then published which served to
refocus attention on the solid solution xodel.

5 This problem arose during further work in the 1980's. Franken and
Gehring [39] investigated a series of aluminas doped with MgO solute.
Segregation of MgO to grain boundaries was reported. However, it was
subsequently demonstrated (481 that the cooling rate used by Franken and
Gehring (200"C/hr.) was sufficient to induce segregation and/or precipitation
of MgAI2O4 .



II.vi) 1975 - 1979: Revival of The Solid Solution Theory

Peelan [23) studied the evolution of the microstructure of alumina as a
function of M&O additions both below and above the solubility Limit. The
host alumina used was very pure with a total cation concentration of less
than 100 ppm; this allowed the effect of very small additions of MgO (down
to 50 ppm) on microstructure development to be determined. Figure 4 shows
Peelan's findings on the evolution of density and grain size, as a function
of MgO content, for a fixed firing schedule. The most notable feature of
the data is that both the density and grain size were observed to pass
through a maximum at the solubility limit of MgO in A1203 t-300 ppm for
this study which compares favorably with the 250 ppi limit determined by
Roy and Cobla (14) for this temperature). It was clear from this data that
very small amounts of magnesia, below the solubility limit, were effective
in aiding the sintering of alumina.

Peelan rejected the solute-pinning theory for three reasons. First,
MgO enhanced normal grain growth in the solid solution regime (he argued
that previous studies that indicated MgO additions retarded grain growth
had been conducted with HgO concentrations above the solubility limit).
Second, AES analysis revealed no segregation of magnesium. And third, CaO,
a known segregant, did not prevent abnormal grain growth in alumina.

The essential action of MgO was, therefore, proposed to be a direct
enhancement of the densification rate. In support of this proposal work by
Rao and Cutler (27) was cited which showed that Fe ions increased the
sintering rate of alumina. He argued in favor of a cation Frenkel defect
model, in which both lower valence and higher valence dopants could
increase the aluminum ion diffusion coefficient either by raising the
concentration of aluminum interstitials (in the case of the lower valence
additive) or aluminum vacancies (in the case of the higher valence
additive). Peelan proposed that the normal rate of grain growth was
controlled by the volume fraction and size of the pores, and that the grain
growth rate was dependent on the rate of pore removal. The enhanced grain
growth rate via doping was therefore a result of the direct increase of the
densification rate yielding smaller, more mobile, pores at a given grain
size. A direct effect of the MgO on the pore mobility was not completely
ruled out.

Johnson and Coble (28) conducted a further critical test of the second
phase and solid solution models. In their experiments an undoped pellet of
alumina was sintered in close proximity to a pre-equilibrated compact of
spinel and alumina. The experiment was ingeniously designed to allow
transfer of MgO from the spinel/alumina compact to the undoped pellet in
concentrations not exceeding the solubility limit. This produced a pellet
of alumina with a dense fine grained MgO-doped outer surface, and a core,
devoid of MgO, consisting of abnormal grains and entrapped porosity. This
experiment established without doubt that a second phase was not necessary
for MgO to function successfully as a sintering aid for alumina. AES
analysis of grain boundary chemistry confirmed Ca segregation at boundaries
of both normal, and abnormal grains, in the MgO-doped, and undoped regiors
of the specimen respectively; no evidence for Mg segregation was found.
Johnson and Coble also concluded, much as Peelan did, that Ca segregation



did not suppress abnormal grain growth and that the solid-solution model
was a reasonable description of the function of HgO.

The earlier findings of Johnson and Cutler (8) and Jorgensen [10) on
initial stage sintering were dismissed as being inapplicable to the problem
since they were carried out at low temperatures and fine grain sizes as
compared to the high temperature, large grain size conditions under which
Lucalox* is fabricated. Also the findings of creep studies (29) which
showed that diffusional creep rates of alumina are enhanced on doping with
MgO and other divalent cations were cited in support of the solid-solution
model. Johnson and Coble did, however, add the following qualifying note
after arguing for the solid-solution model...

"Since the definitive experiment% (pore removal'in the absence of

grain growth and grain growth ik the absence of porosity) have not
been attempted for doped and undoped alumina, no direct evidence can
be presented for this model."

At this point opinion was firmly returning towards the solid-solution
model.

Harmer, Roberts and Brook [30] studied the effect of MgO solute on the
densification and grain growth in alumina during fast-firing. They
observed that MgO, in solid solution, enhanced both densification and
normal grain growth after firing for a few minutes at 1850'C. It was
proposed that MgO additions promoted dansification through a modification
of point defect concentrations. Enhanced densification was argued to give
smaller, more mobile pores, at a given grain size, thereby preventing pore-
grain boundary separation and abnormal grain growth.

Harmer and Brook [331 used hot-pressing dilatometry to quantitatively
show MgO solute additions enhance the aluminum ion lattice diffusion
coefficient and proposed two plausible defect chemistry models to explain
this observation. They also presented an expression showing that the
conditions for pore-grain boundary separation were less likely to be
fulfilled if the ratio of the pore mobility to the grain boundary mobility
(% /Mb) were increased. Assuming the pore moved by surface diffusion, the
mobility ratio was given as:

MP/b c (6,D,/r')(1/Mb) ......... ()

were S.D, is the surface diffusivity and r is the pore radius. It was
argued that the essential action of the KgO was to increase the pore
mobility indirectly through decreasing the pore size (viz increasing the
densification rate) at a given grain size. This explanation was preferred
over any effect on 6D, or Kb, because of the strong power dependence of
on pore radius, r.



II.vii) 1979-1982: " Ne Proposition - Surface Diffusion

Heuer (31) objected to the solid-solution theory and argued strongly in
favor of MgO increasing the pore mobility directly by raising the surface
diffusivity. He did not accept that the solid-solution theory gave an
adequate explanation for the inhibition of abnormal grain growth by MgO.
Heuer was also concerned by the fact that several papers had reported that
HgO inhibited densification in alumina. Bannister (34) commented on
Heuer's note, correcting a mathematical error, and offered some indirect
evidence in support of Heuer's proposal. Heuer (35) acknowledged the
comment and argued further against the solid-solution theory by disagreeing
with the point defect interpretation given by others. At this time
however, Heuer had no experimental results to support his proposition.

Monty and Ledigou [411 responded to Heuer's note and used the method of
multiple scratch smoothing to measure the effect of MgO on surface
diffusion in sapphire. The method involved measuring the decay in
amplitude of a periodic wave etched into the surface of a sapphire crystal.
They observed, contrary to Heuer's prediction, that MgO decreased the rate
of amplitude decay, hence the surface diffusivity, by a factor of ten at
1600*C. These findings were therefore contrary to the predictions made by
Heuer.

Brook [42] accepted that MgO lowered surface diffusion in alumina and
offered an explanation for the role of MgO based upon the combined effect
on surface diffusion and lattice diffusion. He refocused attention on the
effect of the additive on the ratio of the relative densification rate
(A/p) to the relative grain growth rate (G/G). Following the treatment of
Yen [40] of simultaneous densification and grain growth, he derived the
following expression for the ratio:

(AG/pG) = (,/T)G(1-p) 4 3 ......... (2)

assuming densification was controlled by lattice diffusion and grain growth
was controlled by surface-diffusion-controlled pore drag. Brook deduced
that MgO would increase the ratio by a factor of 30 at 1600"C based upon
the independent measurements of Honty and Ledigou (MgO decreases 6,D, by a
factor of 10) and Harmer and Brook (MgO increases D21 by a factor of 3).
Assuming that densification was controlled by lattice diffusion and that
grain growth was controlled by surface-diffusion-controlled pore drag.
This adjustment was predicted to cause a significant fattening of the grain
size-density trajectory followed during sintering (figure 5). The
treatment presented by Brook amounted to a modified version of the original
solid-solution theory proposed by Coble [1). No experimental measurements
of grain size-density trajectories comparing undoped and MgO-doped alumina
were available at that time to test Brook's hypothesis.

Burke, Lay and Prochazka [36) had previous to this measured the
trajectories of specific surface area (SSA) versus density for undoped and
500 ppm MgO-doped alumina; this measurement also provided an estimate of
the effect of the additive on the relative densification rate - relative



coarsening rate ratio. Their results, reproduced in figure 6, showed no
effect of MgO on the SSA - p trajectory for alumina. They concluded that
HgO had no effect on surface diffusion or pore mobility in alumina. These
findings were skeptically received because of the low temperatures used in
the steady (1000 - 1500"C) and the attendant low solubility of gO in
alumina over this temperature range. Burke et al. suggested that the role
of MgO was to lower the grqdn boundary mobility, Kb. They presented
observations of abnormal Srain growth at the free surface of an alumina
specimen, where MgO was believed to have been lost by evaporation, and
observations of fine normal grains within the bulk of the (MgO doped)
specimen. They estimated that the remaining MgO in the bulk had decreased
Hb by up to a factor of one hundred. No atomic mechanism was invoked and
no explanation given for the lack of evidence for magnesium segregation to
grain boundaries in alumina.

Dynys (43) conducted an extensive review of the surface diffusion
literature for alumina. From a ranking of the reported diffusivities he
concluded that, in general, the cleaner the experiment (i.e the higher the
specimen purity), the lower the reported surface diffusivity. Dynys also
conducted grain boundary grooving experiments in aluminas doped with a
range of additives from which he concluded that MgO most likely enhanced
surface diffusion in alumina. He also pointed out that facetting can lead
to serious errors in determining surface diffusivities in experiments where
the kinetics of shape changes driven by capillarity are studied. Monty and
Ladigou [411 observed facetting in their exteriments which created some
concern at the time about the validity of their findings on the effect of
HgO on surface diffusion in sapphire.

In summary, two opposing theories were advanced to explain the role of
MgO in the sintering of A1203 based on an ai-eration of the surface
diffusion coefficient. One theory was that M&O increased pore mobility by
increasing S.D., so avoiding pore-grain boundary breakaway and abnormal
grain growth, whereas the other theory proposed that MgO decreased 6SD, and
consequently promoted densification relative to grain growth. The
experimental measurements, however, were inconclusive at this stage,
because of problems with either the experimental technique itself or the
range of experimental conditions over which the measurements were made.

II.viii) 1983: Critical Experiments to Measure Grain Boundary Mobility

It is clear from the previous discussions that further progress could
not be made without obtaining much needed critical experimental data. A
crucial test was to design an experiment that could determine,
unambiguously, whether MgO solute affected the grain boundary mobility of
alumina. Several workers had attempted to examine this influence but the
results were always inconclusive because of the interference from ever-
present pores and/or second phases (1,7,9,10,16,18,20,23,32,44,45].

Bennison and Harmer (47) utilized hot-pressing to fabricate test
specimens suitable for conducting controlled experiments on grain growth.
However, hot-pressed alumina was found to swell during subsequent grain
growth anneals conducted in air [48). The cause of this was determined to
be a gas forming reaction between trace carbon and/or sulphur impurities at



grain boundaries with oxygen from the ambient. The swelling was prevented
by annealing in atmospheres of low oxygen content or by pretreating the
starting powders in flowing oxygen to burn off the carbon, and sulphur
contaminants beforehand (53). By preventing swelling, grain growth
kinetics were successfully measured in fully dense, hot-pressed, alumina as
a function of HgO solute additions. It was found that HgO doping (Kg/Al =
250 ppm) decreased the grain growth rate in one fully dense alumina by a
factor of five at 1600"C and led to more uniform grain shapes. This Was
the first direct proof that MgO solute could retard grain growth in
alumina. The samples were believed to be single phase at the time of vie
study and a grain growth mechanism based on a solute drag effect involving
solute partitioning of segregated ions (trace calcium contamination and
added magnesium) between different boundary types was proposed.

Table 2. A comparison of rate constants, K (cubic kinetics), for grain
growth at 1600"C in dense aluminas of varying purities.

K value (m3.s-1)
Source maps

Undoped MgO Doped

High-Purity (99.98) 1.74 x 10-19 3.90 x 10-20

(unintentional liquid
phase present) (47J

Ultra-High-Purity (99.995) 5.17 x 10-19 1.04 x 10-20

(single phase) (541

It was subsequently revealed by transmission electron microscopy,
however, that the samples used were sufficiently impure (-99.98 % A1203) to
contain a small amount of an amorphous phase at certain grain boundaries
which was presumably liquid at the firing temperature. Accordingly, the
study was repeated using an ultra-high purity alumina (-99.995 * A1203 ) in
which there was little chance of forming amorphous phases (54]. In these
ultra-high purity samples 250 ppm MgO was found to decrease the grain
boundary mobility by a factor of fifty at 1600"C; an order of magnitude
more than in the less pure system. The grain structures of both undoped
and doped samples were very uniform in the ultra-high purity work
suggesting that no amorphous phases were present in these specimens (it was
asserted that the elongated lath-like grains commonly observed in less-pure
aluminas signalled the presence of a liquid phase at the grain boundaries).
The degree of grain growth inhibition was correlated with powder purity and
MgO-doping; Table 2 gives the observed trend which is supported with a
recent study by Kaysser ec al. (61).

It was further proposed that compensating lattice defects played a role
in the grain growth inhibition mechanism. Results of a study by Lynch (52)



on the kinetics of grain in codoped aluminas had shown that the inhibiting
effect of MgO could be cancelled by an equimolar addition of ZrOZ and was
cited in support of this mechanism. A compenzating defect mechanism had
been proposed earlier by Roy and Coble (141 to explain the enhanced
solubility of MS and Ti in A1203 .

Based upon their findings. Bennison and Harmer concluded that the
dominant role of MgO in the sintering of alumina was to reduce the grain
boundary mobility; the most plausible atomistic mechanism was believed to
be a solid-solution pinning mechanism.

II.ix) 1984: Microstructure Development Maps (51]

In 1984, Harmer introduced a new type of microstructure development map
to describe sintering which proved to be a valuable aid in deconvoluting
the function of solid-solution sintering additives (51). The diagram
combined the grain size density diagr=e d.veloped by Yen (40) with the
pore-grain boundary separation diagrams (originally plotted in pores size -
grain size space) developed by Brook (13). The maps-were used to
illustrate the effect of using solid solution additives to alter diffusion
parameters (DI, 8,D,, Mb, etc.) in sintering. The maps proved their use
when demonstrating conflicting effects of certain additives on
microstructure development. Consider, for example, the cast of altering
the surface diffusivity; Figure 8 shows the predicted effoct of raising the
surface diffusivity in alumina by a factor of ten. This produces a
beneficial effect on the pore separation region (recall from equation 1
that raising 6,D. promotes pore - boundary contact) by moving the
conditions for separation to larger grain sizes. This is offset, however,
by the detrimental effect on the grain size - density trajectory, which is
a function of the ;G/pd ratio (recall from equation 2 that pG/pG c 1/65 D,). 6
Overall, therefore, raising the surface diffusivity alone was not

predicted to be helpful to sintering. By a similar argument, lowering the
surface diffusivity was predicted to be beneficial to the ratio but
detrimental to pore-grain boundary separation; lowering the surface
diffusivity alone was also predicted to be unhelpful to sintering. Thus,
the earlier explanations for the role of MgO in the sintering.of alumina,
based solely on an alteration of the surface diffusivity, did not appear to
be justified. Harmer went on to use the map to explain the affect of MgO
in terms of its combined influence on Mb (lowered by 5 at 1600'C) and D,
(increased by 3 at 1600*C).

II.x) Critical Experiments on Zhe 1 /pG Ratio

By now it was generally agreed that MgO decreased Mb significantly in
alumina by a solid solution mechanism. At this point Berry and Harmer (57]
grouped the various explanations for the role of MgO into four general
catagories, viz: i) MgO raises the lattice diffusion coefficient, D1 ,
and/or the grain boundary diffusion coefficient, Db, which raises the pG/pG

Note the steepening of the trajectory leads to a kinetic limit to

densification.



ratio and so flattens the grain size-density trajectory (i.e smaller pores
at a given grain size). ii) RgO raises S,D* (hence the pore mobility) and
lowers the AG/pG ratio which changes the G-p trajectory to give larger
grains (and pores) at a given density. iii) MgO lowers SD. which raises
the 1G/pG ratio to give smaller grains at a given density, and iv) HgO
lowers Mb which may not affect the trajectory br" will suppress pore -

grain boundary separation.

Explanations 1 - 3 are based upon a change in the relative
densification rate-relative coarsening rate ratio which Is manifest in a
change in the grain size-density trajectory. Accordingly, a critical test

of these proposals was to measure the effect of MgO additions cn the
trajectory. Berry and Harmer (591 measured this influence at 1600eC and
found it to be negligible (figure 9). They were also able to isolate the

separate effects of MgO and densification from their kinetic measurements.
MgO solute was found to increase the densification rate directly, by a
factor of 3, through an increase in the grain boundary diffusion
coefficient. MgO solhte was also found to Increase the grain growth rate,

by a factor of 2.5, through an increase in the surface diffusivity. Since
the additive increased both the densification and gratn growth rates
similarly, its effect on the ratio, and hence the trajectory, was minimal.

In order to explain the role of MgO the following expression was

derived as a figure of merit: for the resistance to pore - boundary
separation:

(/ ), D /.......... (3)

An independent study of grau:i growth in fully dense samples conducted on
the same powder [52J revealed that MgO solute decreased Mb by a factor of
25 under the same conditions. Combined with the observed increase in S.D.
and flattening of the trajectory (grain size for MgO-doped samples 1.8
times less than undoped samples at a given density) resulted in an increase
in the figure of merit by a factor of 112. Furthermore, since the additive
acted most strongly through the Mb term, it was concluded that the dominant
role of the MgO was to reduce grain boundary mobility. The net effect of
doping was displayed on a microstructure development map (figure 10). It
can be seen from figure 10 that tho main change resulting from doping is
that the separation region is moved to higher grain sizes (the grain size
of the tip of the separation region is = (6,D,/'b)"1 2) and the trajectory
avoids entering the region.

Brook et al. (581 also independently measured the effect of MgO on the
relative densification rate-relative coarsening rate ratio using hot-
pressing dilatometry. They also found that MgO doping had )ittle effect on
the ratio. Shaw and Brook [60] studied the specific surface area-density
trajectories for alumina which also are sensitive to variations in the
ratio. Again it was found that the additive had little effect on the
ratio. They also measured the specific grain boundary area versus density
trajectory in a carefully conducted ceramographic study. Figure 11 shows
their result. It was found that the specific grain boundary area was
increased at a given density by MgO doping and concluded that a solid-



solution pinning effect was the only additive function evidenced by cheir
findings.

II.xi) Relevance of Soluta-Pinning to Inhomogeneity

By the mid 1980's it had become evident that the most important
function of HgO solute additions was to decrease the grain boundary
mobility. An important consequence of this action was to minimize the
probability '_- the occurrence of pore-grain boundary separation.

It had t n been assumed that pore-boundary separation was the primary
cause of abnormal grain growth in alumina. Burke (56) proposed in the
1960's that variations in grain boundary mobility due to chemical
inhomogeneity could also trigger abnormal grain growth. Mistler and Coble
(57] demonstrated that structural inhomogeneity in the green state resulted
in density fluctuations in the final body and proposed that enhancad grain
boundary motion in high density regions could further trigger abnormal
grain growth. Bennison and Harmer (49,50) confirmed these ideas that
inhomogeneity can lead to abnormal grain growth by following a series of
microstructural changes in he sintering of alumina. It was found in one
powder studied that inhomogeneous densification was the principal cause of
abnormal grain growth rather than pore-boundary separation. Locally dense
regions were observed to form in the microstructure at a relatively eaily
stage of sintering. These dense regions formed a site for the initiation
of abnormal grain growth due to the lack of restraining pores. MgO was
found to suppress grain boundary motion within the dense regions so
preventing abnormal grain gzowth development. Therefore, a second major
benefit of the solute pinning action of MgO was to stabilize the
microstructure against the consequences of inhomogeneous densification.

Shaw and Brook (60) also recognized this fact and observed during their
measurement of specific grain boundary area-density trajectory (figure 11)
that MgO preserved grain boundary area in locally densified regions of the
microscructure. They described the function of the additive as a
microstructural stailizer, i.e. one which acts to restrain such processes
as abnormal grain growth by the pinning of otherviie mobile boundaries.

If conditions of boundary controlled grain growth could be achieved by
doping a non-uniform distribution of porosity would, therefore, not cause
correspondingly non-uniform (potentially abnormal) grain growth. Zhao and
Harmer [62) realized such a result by sintering ultra-high purity alumina
doped with 250 ppm MgO; the grain growth rate during sintering (with a high
fraction of pores present) was observed to be the same as that for fully
dense samples prepared by hot-pressing. This arises because MgO solute
lowers M. by an exceptional amount in very pure powders. The density at
which pores no longer influence boundary velocity is much lower (-87
theoretical) than for less pure powders. Where MgO additions were seen to
enhance grain growth (571 less pure powders where employed were grain
growth was controlled by pore motion to much higher densities (>99 %).

The combination of using ultra-high purity powders and MgO doping has
been shown to be especially effective in guarding against inhomogeneous
microscructure development. The same benefits have also been demonstrated



in two phase systems where non-uniform distribution of a second phase poses
a similar threat to microstructural stability 162).

A further feature related to inhomogeneity concerns the sintering of
alumina in the presence of a small quantity of a liquid phase. Practical
alumina ceramics frequently contain a small quantity of an amorphous phase
at the grain boundaries resulting from a reaction between trace
contaminants. This often leads to the growth of elongated, flat sided i.e.
facetted, abnormal grains. MgO additions can prevent the development of
such abnormal grains and produce uniform microstructures.

Kaysser et al. (63) carried out a model study of grain growth in
alumina in which controlled amounts of anorthite glassy phase were
deliberately added. Large spheres of alumina were also included to seed
abnormal grain growth. it was found that the growth rates of matrix grains
decreased in the order: undoped A1203 - A1203 + anorthite - A1203 +
anorthite + MgO - A1203 + MgO, thus confirming earlier findings where
accidental contamination led to the presence of a liquid phase during
firing [47,51,54). These differences in mobility between clean grain
boundaries and intergranular films were proposed as a cause of abnormal
grain growth where the glass in inhomogeneously distributed on a coarse
scale (following the ideas of Burke (56)). Important observations of
facetting behavior as function of composition were also made by Kayssor et
al. [63). Specifically, basal facetting and anisotropic growth of the
abnormal, seed grains was observed for all compositions except for alumina
doped with MgO alone. The growth of such facets was observed to be slower
than matrix grain boundaries. It was further concluded that abnormal grain
growth in systems containing small amounts of liquid can be caused by
anisotropic growth of grain boundaries comprised entirely of intergranular
liquid films.

Bateman et al. (68) conducted a TEM investigation of undoped and MgO-
doped alumina contaminated with a small amount of an amorphous phase in an
attempt to correlate the extent of grain boundary motion with the presence
or absence of an intergranular phase and determine the function of MgO.
The amorphous phase was found as thin intergranular films wetting the long
facets of incipient abnormal grains in both undoped &nd MgO-doped material
(figure 12). The long facets were identified as basal type (0001) as in
the case of Kaysser et al. [63). No glass phase was detected at the ends
of the elongated grains and it was postulated that the ends were not wet by
the amorphous phase. 7 In this system the glass was non-uniformly
distributed on a scale less than the grain size. It was argued that the
rapid growth of the elongated grains in the undoped alumina on subsequent
annealing was due to the large mobility difference between boundary types,
i.e. between the flat, slow moving intergranular films, and the clean, fast
moving end segments. The function of MgO was suggested to be the reduction
in the difference in boundary mobility between these boundary types; it was
speculated that the solute additions would give a drag effect on the clean
end boundaries. The broad function of KgO appeared to be as a
microstructural stabilizer based upon a solute-pinning mechanism. It is

7 Shaw (65] has recently prosented direct evidence for the non-uniform
wetting of grains of alumina by a silicate-based liquid phase.



clear however, that the exact atomic mechanism, particularly where liquid
phases are present, is very sensitive to the system chemistry.

II.xii) Anisotropy of Interfacial Properties

In this final section of the historical review we describe some recent
measurements of the effect of MgO on the interfacial properties of alumina.

Handwerker (46), and Handwerker at al. [69), measured the effect of MgO
doping on the distribution of dihedral angles formed at the root of grain
boundary grooves on polished and thermally etched surfaces of alumina. MgO
was observed to narrow the distribution of angles without substantially
affecting the mean value (117"). The dihedral angle is a measure of the
ratio of the free surface energy to the grain boundary energy so MgO
additions reduced the spread in this ratio. This was argued to contribute
towards the effectiveness of the additive in preventing pore-grain boundary
separation. Generally, MgO doping would also reduce local variations in
the driving farce for sintering and grain growth so promoting the
development of more uniform structures during sintering.

Hang et al. (64) have also measured the relative anisotropy in free
surface energy of alumina as function of MgO content through the study of
equilibrium pore shapes in sapphire. MgO additions led to more uniform
shapes indicating the additive reduced the anisotropy in free surface
energy. This result, taken with Handwerker's, suggests that MgO decreases
both the grain boundary energy anisotropy as well as the free surface
energy anisotropy.

Baik et al. [55,61,67,70] recently carried out a state of the art AES
study of the segregation of Mg and Ca to free surfaces in sapphire. Strong
segregation of Mg to several different surfaces of sapphire was observed.
Baik and White [67) also studied Ca segregation to free surfaces, although
in this case the degree of segregation was found to be strongly dependent
on the surface orientation. Baik noted that Mg segregates as strongly to
free surfaces as Ca; the negative findings of the 1970's on grain boundary
segregation of Mg were attributed to the poor sensitivity of the technique
to Mg. The observations of free surface segregation suggest that Mg may
segregate to grain boundaries also, and that a solute-drag mechanism may
explain the role of MgO as a grain growth inhibitor. Again assuming these
results indicate the segregation behavior in the case of grain boundaries,
the observations of anisotropic Ca segregation may explain the
ineffectiveness of CaO as a grain growth inhibitor.

III. SUMMARY AND FUTURE DIRECTIONS

The following general conclusionc can be drawn from the past research
on the role of MgO in the sintering of A1203 . First, MgO additions affect
al1 of the parameters controlling the sintering of alumina (i.e. D1 , 6bDb,
65Ds, Mb and 7s/b) to some extent. Generally the additive affects all
these parameters in a favorable way, which accounts, to some degree, for the
potency of the additive in controlling microstructure evolution. Second,
alumina responds to MgO doping by different degrees, depending on the



background impurity level and type. For example MgO has been observed to
directly increase densification in some powders and directly decrease
densification in others. Surface diffusion seems to be generally increased
slightly by MgO doping whereas the grain boundary mobility always is
decreased. Thirdly, we conclude that the single most important effect of
KgO doping is its ability to significantly reduce the grain boundary
mobility, despite the presence of varying background impurities, through a
solid solution pinning mechanism. The consequences of the pinning action
of MgO solute are a reduced tendency for pore-grain boundary separation,
protection against abnormal grain growth arising from inhomogeneous
densification and/or non-uniform liquid phase distribution, and in some
cases, an indirect enhancement of densification processes.

Concerning future work, it is apparent we have come a long way in
undtrstanding the phenomenology of this classic additive effect. However,
we still do not understand the detailed atomic mechanism through which MgO
solute acts as a grain growth inhibitor in alumina. Without such
fundamental information we do not possess the capability of a priori
additive selection.

At the core of the problem is our lack of understanding of the
fundamental grain growth mechanisms in ionic solids, and our lack of
experimental information concerning grain boundaries in alumina. We need
to know the grain boundary mobility as a function of MgO content and
temperature. Segregation profiles would also be required and may now be
accessible with the recent improvements in surface analysis techniques.
However, the chemical characterization of MgO doped A1203 remains one of
the most difficult obstacles to the complete understanding of the role of
MgO. In less pure systems, knowledge of the grain growth mechanisms where
amorphous intergranular films are involved is needed. From a practical
viewpoint, more information concerning the role of MgO during liquid phase
sintering is needed.

We now have a relatively simple experimental methodology for studying
the effects of solutes on grain boundary motion in alumina (54]. It is
timely to carry out systematic studies with other dopants of different
ionic radii and valencies to investigate the role of strain misfit
concepts, point defects and compensation effects.

ACKNOWLEDGMENTS

Above all, we would like to thank Robert L. Coble for his monumental
contributions to sintering science and technology; it was he who made this
work possible. We would also like to express gratitude to Carol Handwerker
and John Blendell for valuable discussions. Financial support was provided
by AFOSR for SJB and NSF for MPH (grant # DR-8501710).

REFERENCES

1) R.L. Coble, "Sintering of Crystalline Solids - II. Experimental
Test of Diffusion Models in Porous Compacts," J. App. Phys., 2Z[5] 793 - 99
(1961).



2) R.L. Coble, "Transparent Alumina and Method of Preparation," U.S.
Patent # 3,026,210 March (1962).

3) P.D.S. St. Pierre and A. Gatti, "Process for Producing Transparent
Polycryscalline A1203 ," U.S. Patent # 3,026,177 March (1962).

4) R.L. Coble and J.E. Burke, "Sintering in Ceramics," Progr. Ceram.
Sci., 3 197 - 251 (1963).

5) J.E. Burke, "The Role of Grain Boundaries in Sintering," J. Am.
Ceram. Soc., 0Q3] 80 - 85 (1957).

6) R.L. Coble, "Sintering of Alumina: Effect of Atmospheres," J. Am.
Ceram. Soc., 45(31 123 - 27 (1962).

7) C.A. Bruch, "Sintering Kinetics for the High Density Alumina
Process," Am. Ceram. Soc. Bull., f_1(12] 799 - 806 (1962).

8) D.L. Johnson and I.B. Cutler, "Diffusion Sintering: II, Initial
Sintering Kinetics for Alumina," J. Am. Ceram. Soc., all] 545 - 50
(1963).

9) P.J. Jorgensen and J.H. Westbrook, "Role of Solute Segregation at
Grain Boundaries During Final Stage Sintering of Alumina," J. Am. Ceram.
Soc., A7(7J 332 - 38 (1964).

10) P.J. Jorgensen, "Modification of Sintering Kinetics by Solute
Segregation in A170 3 ," J. Am. Ceram. Soc., A[4] 207 - 10 (1965).

11) M.O. Warman and D.W. Budworth, "Criteria for the Selection of
Additives to Enable the Sintering of Alumina to Proceed to Theoretical
Density," Trans. Brit. Ceram. Soc., J[61 253 - 64 (1967).

12) R.J. Brook, "The Impurity Drag Effect and Grain Growth Kinetics,"
Scripta Metall., Z(7] 375 - 78 (1968).

13) R.J. Brook, "Pore-Grain Boundary Interactions," J. Am. Ceram. Soc.,
.21] 56 - 67 (1969).

14) S.K. Roy and R.L. Coble, "Solubilities of Magnesia, Titania and
Magnesium Titanate in Aluminum Oxide," J. Am. Ceram. Soc., 5(l) 1 - 6
(1968).

15) D.W. Budworth, "The Selection of Grain-Growth Control Additives for
the Sintering of Ceramics," Mineralogical Magazine, Z(2911 833 - 38
(1970).

16) N.A. Haroun and D.W. Budworth, "Effects of Additions of MgO, ZnO
and NiO on Grain Growth in Dense Alumina," Trans. Brit. Ceram. Soc., i2[)
73 - 79 (1970).

17) S.S.C. Tong and J.P. Williams, "Chemical Analysis of Grain Boundary
Impurities in Polycrystalline Ceramic Materials by Spark Source Mass
Spectrometry," J. Am. Ceram. Soc., U11] 58 - 59 (1970).

18) I.D. Prendergast, D.W. Budworth and N.H. Brett, "Densification and
Grain Size Control in Alumina," Trans. Brit. Ceram. Soc., 21(l) 31 - 36
(1972).

19) H.L. Marcus and M.E. Fine, "Grain Boundary Segregation in MgO-Doped
A1203," J. Am. Ceram. Soc., 5111J 568 - 70 (1972).

20) A. Mocellin and W.D. Kingery, "Microstructural Changes During Heat
Treatment of Sintered Alumina," J. Am. Ceram. Soc., a(6) 309 - 14 (1973).

21) P.J. Jorgensen, "Grain Boundary Phenomena in Ceramic Materials," p.
205 in Proceedings of the 4th. Bolton Landing Conference, "Grain Boundaries
in Engineering Materials," J.L. Walter, J.J. Westbrook and D.A. Woodford
eds., Claitor's Publishing Division, Baton Rouge LA (1974).

22) R.I. Taylor, J.P. Coad and R.J. Brook, "Grain boundary Segregation
in A1203 " J. Am. Ceram. Soc., 57[12] 539 - 40 (1974).

23) J.G.J. Peelan, "Influence of MgO on the Evolution of the
Microstructure of A1203 ," Mater. Sci. Res., 1.0 443 - 53 (1975).



24) U.C. Johnson and D.F. Stein, "Additive and Impurity Distribution at
Grain Boundaries in Sintered Alumina," J. Am. Ceram. Soc., H(11 - 121 485
- 88 (1975).

25) W.C. Johnson, "Grain Boundary Segregation in Ceramics," Metall.
Trans. A, A2[91 1413 - 22 (1977).

26) W.D. Kingery, "Plausible Concepts Necessary and Sufficient for
Interpretation of Ceramic Grain Boundary Phenomena: II. Solute
Segregation, Grain Boundary Diffusion and General Discussion," J. Am.
Ceram. Soc., 5_[21
74 - 83 (1974).

27) W.R. Rao and I,B. Cutler, "Effect of Iron Oxide on the Sintering
Kinetics of A12031 " J. Am. Ceram. Soc., U(11) 588 - 93 (1973).

28) W.C. Johnson and R.L. Coble, "A Test of the Second Phase and
Impurity Segregation Models for MgO Enhanced Densification of Sintered
Alumina," J. Am. Ceram. Soc., bl(3-41 110 - 14 (1978).

29) R.M. Cannon and R,L. Coble, "Review of Diffusional Creep of
Alumina," p. 61 in Deformation of Ceramic Materials, R.C. Bradt and R.E.
Tressler eds., Plenum Press, New York NY (1975).

30) H.P. Harmer, E.W. Roberts and R.J. Brook, "Rapid Sintering of Pure
and Doped a-A1203 ," Trans. Brit. Ceram. Soc., 11]) 22 - 25 (1979).

31) A.H. Heuer, "The Role of MgO in the Sintering of Alumina," J. Am.
Ceram. Soc., fi[5-6] 317 - 18 (1979).

32) R.D. Monohan and J.W. Halloran, "Single-Crystal Boundary Migration
in Hot-Pressed Aluminum Oxide," J. Am. Ceram. Soc., U2(11-12] 564 - 67
(1979).

33) M.P. Harmer and R.J. Brook, "The Effect of MgO Additions on the
Kinetics of Hot-Pressing in A1203 ," J. Hater. Sci., Ij 3017 - 24 (1980).

34) M.J. Bannister, "Comment on the Role of MgO in the Sintering of
Alumina," J. Am. Ceram. Soc., 63[3-4] 229 - 30 (1980).

35) A.H. Heuer, "Reply," J. Am. Ceram. Soc., 63[3-4] 230 - 31 (1980).
36) J.E, Burke, K. Lay and S. Prochazka, "The Effect of MgO on the

Mobilities of Grain Boundaries and Pores in Aluminum Oxide," Mater. Sci.
Res., 13 417 - 25 (1980).

37) D.R. Clarke, "Grain Boundary Segregation in an MgO-Doped A1203 ," J.
Am. Ceram. Soc., 63[5-6J 339 - 41 (1980).

38) H.P. Harmer and R.J. Brook, "Fast Firing: Hicrostructural
Benefits," Trans. J. Brit. Ceram. Soc., U0 147 (1981).

39) P.E.C. Franken and A.P. Gehring, "Grain Boundary Analysis of MgO-
Doped A1203 ," J- Hater. Sci., I6[] 384 (1981).

40) M.F. Yan, "Microstructural Control in the Processing of Electronic
Ceramics," Hater. Sci. Eng., Al 53 - 72 (1981).

41) C. Monty and J. LeDigou, "Effect of MgO on Surface Diffusion in
Alumina," High Temperature, High Pressure, 14 709 - 16 (1982).

42) R.J. Brook, "Fabrication Principles for the Production of Ceramics
with Superior Mechanical Properties," Proc. Brit. Ceram. Soc., 2 7 - 24
(1982).

43) J.M. Dynys, "Sintering Mechanisms and Surface Diffusion for
Aluminum Oxide," Sc.D. Dissertation, Mass. Inst. Tech., Cambridge MA
(1982).

44) A.M. Glaeser and J.C. Chen, "Technique for Measuring Grain Boundary
Mobility: Application to MgO-Doped A1203 ," J. Am. Ceram. Soc., 65[7] C98 -
C99 (1982).

45) H.F. Yan, R.H. Cannon and H.K. Bowen, "Grain Boundary Migration in
Ceramics," p. 276 in Ceramic Microstructures '76, R.K. Fulrath and J.A.



Pask ads., Westview press, Boulder CO (1977).
46) C.A. Handwerker, "Sintering and Grain Growth of HgO," Sc.D. Thesis,

Mass. Inst. Tech., Cambridge MA (1983).
47) S.J. Bennison and M.P. Harmer, rEffect of MgO Solute on the

Kinetics of Grain Growth in A1203," J. Am. Ceram. Soc., A.[5) C90 - C92
(1983).

48) S.J. Bennison and M.P. Harmer, "Grain Growth and Cavity Formation
in MgO-Doped A120 3 ," p. 171 in Advances in Ceramics, vol. 6, "Character of
Grain Boundaries," H.F. Yan and A.H. Heuer ads., The American Ceramic
Society, Columbus OH (1983).

49) S.J. Bennison and H.P. Harmer, "Microstructural Studies of Abnormal
Grain growth Development in A1203," p. 929 in Ceramic Powders, P.
Vincenzini ed., Elsevier Scientific Publishing Co., Amsterdam, The
Netherlands, (1983).

50) H.P. Harmer, S.J. Bennison and C. Narayan, "Microstructural
Characterization of Abnormal Grain Growth Development in A1203," Mater.
Sci. Res., 11 309 (1983).

51) M.P. Harmer, "Use of Solid Solution Sintering Additives in Ceramic
Processing," p. 679 in Advances in Ceramics, vol. 10. Structure and
Properties of MgO and A1203 Ceramics, W.D. Kingery ad., The American
Ceramic Society, Columbus OH (1984).

52) M.J. Lynch, "Sintering and Grain Growth Studies on A1203 doped with
MgO and/or ZrO1 ," H.S. Thesis, Lehigh University, Bethlehem PA (1984).

53) S.J. Bennison and H.P.Hkrmer, "Swelling of Hot-Pressed A12 03 ," J.
Am. Ceram. Soc., 6J811] 591 - 97 (1985).

54) S.J. Bennison and M.P. Harmer, 'Grain Growth Kinetics for Alumina
in the Absence of a Liquid Phase," J. Am. Ceram. Soc., 6811J C22 - 24
(1985).

55) S. Baik, D.E. Fowler, J.M. Blakely and R. Raj, "Segregation of Mg
to the (0001) Surface of Doped Sapphire," J. Am. Ceram. Soc., §1(5) 281 -
86 (1985).

56) J.E. Burke, "Grain Growth," in Ceramic Microstructures '66, R.M.
Fulrath and J.A. Pask ads., Wiley-Interscience, New York NY (1967).

57) R.E. Mistler and R.L. Coble, "Microstructural Variation due to
Fabrication," J. Am. Ceram. Soc., U[4) 237 (1968),

58) R.J. Brook, E. Gilbert, N.J. Sh&.x and U. Eisele, "Solid Solution
Additives and the Sintering of Ceramics," Powder Metallurgy 2[2] 105 - 107
(1985).

59) K.A. Berry and H.P. Harmer, "Effect of MgO Solute on Hicrostructure
Development in A1203 ," J. Am. Ceram. Soc., §1[2) 143 - 49 (1986).

60) N.J. Shaw and R.J. Brook, "Structure and Grain Coarsening During
the Sintering of Alumina," J. Am. Ceram. Soc., §1[2) 107 - 110 (1986).

61) S. Baik,"Segregation of Mg to the (0001) Surface of Doped Sapphire:
Quantification of AES Results," J. Am. Ceram. Soc.,6915) ClOl - 103 (1986).

62) J. Zhao and M.P. Harmer, "Sintering of Ultra-High Purity Alumina
Doped Simultaneously with MgO and FeO," J. Am. Ceram. Soc., 2Q[12] 860 - 66
(1987).

63) W.A. Kaysser, M. Sprissler, C.A. Handwerker and J.E. Blendell,
"Effect of Liquid Phase on the Morphology of Grain Growth in Alumina," J.
Am. Ceram. Soc., ZQ51 339 - 43 (1987).

64) Z. Wang, unpublished research, Lehigh University (1988).
65) T.H. Shaw, "Which Grain Boundaries are Penetrated by Liquid?"

Paper# 48-B-97, presented at the 89th Anntl Meeting of The American
Ceramic Society (1987).



66) A.P. Jardine, S.M. Mukhopadhyay and J.M. Blakely, "M& Implantation
and Characterization of Sapphire Surfaces," Mater. Res. Soc. Symp. Proc..
74 365 - 73 (1987).

67) S. Baik and C.L. White, "Anisotropic Calcium Segregation to the
Surfaca of A1,03 ," J. Am. Ceram. Soc., 22191 682 - 88 (1987).

68) C.A. Bateman, S.J. Bennison and H.P. Harmer, "A Mechanism for the
Role of MgO in the Sintering of A1203 Containing Small Amounts of a Liquid
Phase," in press, J. Am. Ceram. Soc. (1989).

69) C.A. Handwerker, J.H. Dynys, R.K. Cannon and R.L. Coble, "Dihedral
Angles in MgO and A1203 ," submitted to J. Am. Ceram. Soc., (1988).

70) S.M. Hukhopadhyay, A.P. Jardine, J.H. Blakely and S. Baik,
"Segregation of Magnesium and Calcium to the (1010) Prismatic Surface of
Magnesium Implanted Sapphire," J. Am. Ceram. Soc., 21[51 358 - 62 (1988).



FIGURE CAPTIONS

Figure 1. Translucent polycrystalline A120 3 tube for use in a sodium
vapor lamp; the tube was fabricated via the Lucalox*
process.

Figure 2. Microscructures of sintered Al20 3 : a) undoped material, note
pore-grain boundary separation and abnormal grain growth,
and b) MgO-doped material, note high density and equiaxed
grain structure.

Figure 3. Variation of microhardness on traversing a grain boundary in
MgO-doped alumina. (After Jorgensen and Westbrook (91).

Figure 4. a) Final density and b) final grain stze, for a series of
sintered aluminas as a function of MgO concentration.

(After Pealan (231, courtesy of Plenum Publishing Co.).

Figure 5. Predicted effect of raising the densification
rate/coarsening rate ratio by a factor of thirty on
microstructure evolution during the sintering of A1203.
(After Brook (42), courtesy of The British Ceramic Society).

Figure 6. Specific surface area-density trajectory for undoped and
MgO-doped A1203 ; note the MgO addition has a negligible
effect on the trajectory. (After Burke et al. (36),
courtesy of Plenum Publishing Co.).

Figure 7. Microstructures of a) dense undoped alumina, and b) dense
MgO-doped alumina. Note the MgO addition has led to a more
uniform grain structure and retarded grain growth in these
samples. (After Bennison and Harmer (47)).

Figure 8. Microstructure development map showing the predicted effect
of increasing the surface diffusivity by a factor of ten,
via MgO doping, on both the grain size-density trajectory
and the conditions for pore-grain boundary separation.
While this increase favors pore-boundary contact, the
steepened trajectory results in a kinetic limit to
densification. (After Harmer (51)).

Figure 9. Measured effect of MgO doping on the grain-size density
trajectory during sintering of alumina at 1600'C. (After
Berry and Harmer [591).



Figure 10. Prdictced effect of simultaneously increasing lattice
diffusion by a factor of 3, increasing surface diffusivicy
by a factor of 2.5 cnd decreasing grain boundary mobility
by a factor of 25, via doping with MgO solute, on
microstruccure development in alumina, (After Berry and
Harmer (59)).

Figure 11. Variation in the specific grain boundary area-density
trajectory during sinrering on HgO doping. Note the
additive increases the grain boundary area at a given
density, viz: smaller grain size at a given density. (After
Shaw and Brook (60)).

Figure 12. Transmission electron micrographs of a) undoped, and b)
MgO-doped, A1203 containing trace amounts of an amorphous
intergranular phase. Note the MgO additions have led to a
finer, more uniform, grain structure.. (After Bateman et al.
[68)).
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