
CINQ TECHNICAL REPORT NO. 1

SPONSORED BY THE OFFICE OF NAVAL RESEARCH

Contract No. W60ý-67-A-0117-0012, NR 03G-093

CORROSION FATIGUE OF METALS AND ALLOYS

D0 J. Duquette

'laterials Division

Rensselaer Polytechnic Institute

Troy, New York 12181

DOG
hay 10, L,?IL . . -ý r

Si• L2(T;•I +:•. J

Reproduction in whole' or in part is permitte-i for
any pur-pc~e of the United States Government.

RO~tod.Jod bNATIONAL TECHNICAL

INFORMATION SERVICEs~n•.•av+ n~s•This <u.-: : :, •'. c
for !r.bjI . i

I



Best
Avai~lable

Copy



'-7-7-

SISCUlitY C1uaslficlC~iOf
DOUMENf FO'NTROL DATA - RID

(Beeeftift 614maiftcatthn 0. Hilo' bew of abstract 2" fndesbWd aeitU ates ut be mnteved W.WE. 1000 1004g1,.pett i. cheasitE)
I.- ORIGINATING 0 *CTIV17Y (Crotte aut.mhor.) So. II9PO*T auCurniv C L&II.-FICAIOK

Rensselaer Polyt-echnic Institute Unclassified
Materials Division 26. nu
Trov. New York 12181

J. REKPO*T TITLE

CORROSION FATIGUE OF METALS ANDD ALLOYS

4. DESCRIPTIVE NOTES (T'p. of reporand ,Enc~A~s~. dae*o)

TechnicalReport________________
S. AUTNOR(S) (Loat news. ftta-name, Iintial)

Duquette, David J.

G.REPORTODATE IS. YOAL NO. OF PAS b. No. or RP1SF

may 10, 1972 118 I196
Ga. CONTRACT OR GRANT NO. 641. CAISINATOR'S RWPORT NU301211(3)

*;NGO1i-67-A-0117-0012,NR036-093 ehnclReot I

NO.

10. A V AIL ASIL1TY/LIMITATION NOTICE$

Reproduction in wl--'e or in part is permitted for any purpose of the
United States Gove--nment.

11. SUPPLEMENTARY N*OTES Jiz SPONSORING M10.TARY ACTIVITY

office of Naval Research

I13. A&STRACT

The combined influence of cyclic stresses and aggressive
environments is known to adversely affect the useful mechanical.
properties of ii-itals and alloys. Fatigue crack propagation is
accelerated by gase-ous environments at law temperatures but at high

temperatures either i-nitiatioz or growth may be accelerated or
decelerated by exposure to aggressive gas phases. Corrosive aqueous
environments, on the other hand, almost invariably degrade the
mechanical properties of metals and alloys.

Thks revi-ew presents a detailed suxmary of the current under-
standing of the phenomnenon of corrosion fatigue in gaseous and in
aqueous environments.a The effects of gaseous 6nvironments at low
and at elevated temperatures and th6 mechanisms which govern fatigue
crack iniltiation and propagation in the presence and in the absenc~e
of reaction films are di'scussed. The effects of aggressive aqueous
solutions on fatigue crack initiation and propagation in ferrous
and non ferrous alloys, and the effectiveness of protective measures
are treated in detail and a critical review of previously proposed
and currently accepted models is presented.

D 1 dA. s4 17-Unclassified
Security Clussification



SecurityClassification _______ ______________

14 KYWRSLISUK A LINK a LINK C
""0Y1.9O OL WT 110.9 W tL W

fatigue
corrosion fatigue
gaseous environments
aqueous environments
cyclic deformation

INSTRUCTIONS
I. ORIGINATING ACTIVITY: Enter the name and address Imposei by security classitication. using standard statements
oi the' v.'ntra'tor. nubcontractor. grantvee Department of De- much fas:
fen.,c art ovit y or other organization (corp~orate outhor) iss'ji-ng (1) "Q~ualified reauesters may obtain copirs 7~f thim
1 he re." rcor from DDC.'
2a. REMPORT SECURTY CLASSIFICATION- Enter the over- (2) "Foreign announcement and dissemination of thisall -security classification of the report. Indicate wtieher report by DOC in not atuthortized."
"Reottricted r'tat" is included. Marking is to be in accord-

-,ne with npp'~iprsate security regulatians. (3) -U. S. Govermvent agencies may obtain copies of
this report directly f(mi DVC. Other qualified DDC21 .ROUtP: Automatic down~grading is specified in DoD) Di- stshlreuttrog

t-*:tzsve 5200. 10 amnd Armed Forces Industrial Manuel. Enter .essa' eus hog

I .. report diftectty from DOC. Other qualified Users f
'I ILE ittr te cr~vete epot ttis inallshall request through

J'"I -it -I itifcainninallcaitas n pretheis(5) Aldsjb~o fti rapott Is coontrolled. Qual-
ttf',tI'.,wl,n the title, ft D utr hl request thro~agh

.. a~t. nteim.ps~fezsumary anua. o fnas .If h eothsbe furnished to tha OfcofTachnj.1-a
r-t tr iriicu ýInt-ýwhen a specific reporting: period isr Services, Department of Commerce, for sale to )ae public, indi-

-Vvff-d. ~~~cate hsfc n ne the prica&. it kno'wm
AUTfORS) Enerthe name(s) of authot(s) as -shown on I L SUPPLEMENTARY NOTES: Use fcr edditional exp2I on*-

- t- e-rt Enerlast name, first nanse, middle insitiol, tory notes.
'1 Isrv ;no anAnd branch of service. Th', nome of

I e ricpa .,ta is nabsolute minimum requirement. 12. SPON90RIN MILITARY ACTIVTY: Etter the name at
the departmental project office or laboratory, soonwlui~g (pay-

to '301RT AT"-Ente: the date of t?-e report as day, trip for) the research sitd development. Includo &dbrsas
Mont. yar o moth.year. If more than one date appears

n~k te r#Vrt. ue dat of pbliction.13. ASTRAC: Entr anabstract giving abre d(atl

7. TOTAL. NUMBER OF PAGES. The total pace cc-tvnt It may also appesr eswt Ind ctive c of the reort.hia ra- hog

nth o ae- oftt.16 ihn appsljabMe bho thattached(4 ".aenismyoan

7b NMBE OFR04FRECM nte th toal nmbe ofIt s hghl deirale hatthe abstract of ctesa'fLed ,ePorts
efrnecieintereport. bunlsiedEahprgphof the abstract chall and 'with
Sa. ONTRCTOR;RANT NUMBER: If eppropriate. enter an irdicatior of the military security Claualfic~tion of the lit-
theapliabl rumtof the contract or grant under w~ich formation in the. paragraph. represented an (7.1k). es), (C). or (LI).

thr. reort rawrite~wThere i-; no limiltation on the length of the abstract, How-
81, c,& dPROJEC-T NUMBER: Enter the appropriate ever, the suggested length is from 13V, to 22! wotde.

miltar deartentidentification, such as project number. 14. KEY WORD3: Keor words are technically mtainingful terms
g cbp,,iec nmbr.system numbers, task number. etc. orshort phrases t*At chitrecterase a report and may be usc! to
9e. RIGNATROSREPORT NUMBER(S): Erite: the offi- index entries for cataloging the report Key words must be
cia reor nuberbywhich the document will be identified selected so that to security cloaalficatrion is required. Idasiti.
andconroledby heoriginsting activity. This number must tiers. tuch as, equipment ntode) designeii-cm !rade ndme. mil;tary

b-uiutoti4report. project cod- "amie. geographic location. mal, be usau am ker
~4UMER(): f t~e epot hs ttan words but w.;, be failowed by an indication of technical con-

(1b '11 ivr. REmPer, NME (S'IfIhe repr b has orr ernao test. The assignment of lirilba. 1uoa" and wegli~ts i optlonol.
th mson ) also entc- t:us numrber(z).

Jo ITA~ I.ITY.'LIIITA'TION NOTICES. Enter any lim'
to Jrh". d.ýkrrp,,.htion of the report. oth"r bhan thosel

DD A of 04 14*73 (BACK)_ _ _ _ _

Secuwity Cla."ifiz-ation



rF •
CORROSION1 FATIGUER 0F IIETAIS A14D ALLOYS

D. J. Duquette
iiatezials Division

Rensselaer Polytechnic Institute[ Troy, New York 12•i l

Abs tract

The combined influence of cyclic stresses an3 aggressive

environments is krown to, adversely affect the useful mechanical

properties of metals and alloys. Fatigue crack propagation is

accelerated by gaseous environments at low temperatures but at high

te.peratures either initiation or growth may be accelerat',d or

decelerated by exposure to aggressive gas phases. Corrosive aqueous

environments, on the other hand, almost invariably degrade the.

?mechanical properties of metals and alloys.

This review presents a detailed summary tf the current uader-

-3tanding of the phenomenon. of corrosion fatigue in gaseous 4d in

aqueous environ-ments. The effects ol gaseous environments at low

and at elevated temperatures and the mechanisms which govern fatigue

crack initiation and propagation in the presence and in the absence

of reacticn films are discussed. The effects of aggressive aqueous

solutions on fatigue crack initiation and propagation in ferrous

and nc- ferrous alloys, and the effectiveness of protective measures

are treated in detail and a critical review of previously proposed

and currently accepted nodels is presented.



1. I.ntroduction

Corrosion fatigue m'y b'* defia- d as the combi:,d action of z'n

a.ggressive environment -iiad a cyclic strcoss leading to premature

failure of metals by cr:acking. In this definition, the word

"i"combined"' must be emphasized, since it his been shown by many

investigators that neither cyclic stresses .aor eavironm.,nt3l attackIapplied separately produces the same damaging results as conjoint

action. That is, a prc.-°corroded specimen does not necessarily show

appreciable reduction in fatigue life, nor does pre--fatiguing in air

increase the ccrrosion rate of metals. The majority of observed

fatigue failures are, in fact, corrosion fatigue failures since only

fatigue occurring in an abscluto vacuum could b- terme.d as pure

"fatigue". For example, it has becn show; that for many metals, air

contributes quite strongly to increases in fatigue crack propagation.

A number of reviews have been written since the first reported
1

observations of corrosion fatigue by Haigh in 1917 some of which

have dealt with only specific aspects of the problem such as the
2

effect of gaseous environments on fatigue crack propagation . For

instance, particular attention may be focused on the extensive review
3 4

of Gough in 1932 and of Gilbert in l1D56 . Accordingly, the aim of

this review will ne to underline certain key issues in the early work

on corrosion fatigue ana to emphasize recent data and theories of the

mechanisms of corrosion fatigue. Thus, it should not be regarded as

an exhaustive study of the subject but one underlining the critical
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processes which govern corrosion fatigue mechanisms and attempts to

point out areas where more work is needcJ before this complicated

phenomenon can be completely understood. in particular, the effects

of gaseous and aqueous environments on ultimate corrosion fatigue

fail,:re, and the success of protective measures will be reviewed;

an attempt will be made to correlate both initiation and propagation

processes.

Gaseous Environments

A. Lc., Temperatures

In general, oxygen is known to accelerate fatigue crack propa-

gation and, accordingly, to reduce fatigue life. For example, Gough

and Sopwith, in an e:rtensive series of e.-.primenis conducted on a

variety of engineering alloys, noted that a partial vacuum of only

i0-3ram Hg resulted in appreciable increascs in fatigue lives and

endurance limites for carbon steels, brasses, copper, while 30%

copper-nickel alloys and nickel chrcmium steels showed little
5

improvement (Table 1). Later experiments on copper and 70-30 brass

in laboratory ai*, partial vacuum, humidified and dry air, and

hu.,idified and dry nitrogen led these investigators to suggest that

a joint effect of o;:ygen and water vapor is primarily responsible

for the reduction of fatigue life, although oxygen alone also leads
6

to scme reduction especially in the case of brass (Fig. 1, 2)
7 7

Experiments on lead (Fig. 3) and Arinco iron (Pig. 4) aloe show.•ed

marked changes in fatigue behavior vith vacuum tested materials

exhibiting extended fatigue lives.
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The effect of atmospheric oxygen on fatigue crack initiation and

growth in copper, aluminum, and gcld has also been investigated by
3-10)

Wadsworth and co-workers , who noted that oxygen and water vapor

reduc6 £atigue l.ife in copper and aluminum but has no effect on gold,

that z.lt'rnate static exposure to air and dynamic exposure to vacuum

does not affect fatigue life, and that the S-IT curves diverge as

applied stresses are reduced (Fig. 5). BaseO on these experiments,

these investigators concluded that: 1) fatigue cracks form early; the

majority of life being concerned with crack propagation, (environment

having little or no effect on nucleation and initial growth) ; 2)

oxygen and water vapor are the primary damaging constituents in air

(water vapor alone being effective in aluminum); and 3) oxygen mast

be a gas i.e., pre-oxidation or intermittent exposure is not ef-

fective. Similar resulcs were also obtained for an iron 0.5% carbon

alloy tested in air and in vacuum, with the significant result that

air also lowers the observed fatigue limit as well as fatigue life
9

above the fatigue limit . This result was linked with the appearance

of non-propagating microcracks below the fatigue limit; air apparently

reducing the stress required to affect propagation. Vacuum has also
11

been shown to delay crack propigation in Ni , in nickel base super-
12,13 14

alloys in Cu-Al alloys at room temperature and at 77 0 K and
15-21

in polycrystalline Pb

For most materials, environment appears to be most effective

early in the crack growth process, with little or no effect at high

- - -- --
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crack growth rates. Additionally, the majority of S-N curves diverge

at decreasing stresses, the increase in fatigue life due to vacuum

becoming greater at lower stresses. In contrast to this behavior,

however, aluminum and aluminum alloys have been shown to e:xhibit

conflicting results. For exarnple, a 2017-T4 alloy tested in air and
22

at 2 x 10- 1 0 torr and a 2024-T3 alloy tested in air and at 10-10

23
torr in rotating bending exhibit convergence of S-N curves at lo"

stresses, the effect of environment apparently becoming less important
24

at decreasing stresses (Fig. 6). Pura aluminum and an 1100 aluminum
25

alloy compared in air and at 10-6 and 10- 7 torr respectively, on the

other hand, show the more commonly observed divergence and !Ieyn has

shown that crack propagation is more sensitive to environment at low
26

strain amplitudes in a 2024 alloy . This conflict may be related to

the presence of water vapor at the "softer" vacuum levels, since it

has been shown that the fatigue of aluminum is highly sensitive to the

presence of this gaseous species. For example, Broom and Nicholson

have shown that water vapor is the only atmospheric constituent

necessary to induce enhanced propagation rates in aluminum and
27

aluminum alloys ; a hypothesis which was 3upported by the work of
23

Bradshaw and Wheeler

The :-echanism of Gaseous Environmental Fatigue

Previously proposed mechanisms for the effect of gaseous environ-

ments on fatigue behavior can be divided into four principal

categories:



1) interference with a reverse slip process, 2) prevention of slip

band crack rEwelding, 3) surface energy reduction due to gas phase

adsorption, and 4) accplerated corrosion at a growing fatigue crack tip.

Thompson et al, suggested that gas phase interaction with fatigue

deformation processes was connected with the transition from slip
10

bands to SK..3e I cracking . According to this model, slip bands

become regions of high dissolved oxygen concentration; increased

thermal effects and vacancy generation associated with slip reversal

ef-ectilely 'pulling" oxygen into the developing slip band (Fig. 7).

'1.. olv,. oxygen then expedites crack growth by preventing reclosing

or • K[j j of the c"'-c]: rurfaces.

L£ ur results by the same investigators, particularly on gold

w1 rre no effect of gaseous environments is noted, led to the conclusion

that tlý.s mechanism was probably not correct and to the suggestion

that the observed increased crack propagation rates were due to the

joint action of accelerated atmospheric attack at tae base of a grcw-

ing crack; the gas phase chemisorption either preventing reweldi.ig of
9 8

newly generated crack surfaces or interfering with suip reversibility.

Lai~rC and Smith, condtcting experiments on aluminum, copper and

nickel noted that the atmospheric effect decreases with crack length

and concluded that a rewelding mechanism could not be valid, since the

higher local stresses and increased cold work associated with longer
209

cracks should intensify a rewelding process . Additionally, a

mechanism based on chemisorbed films preventing crack reclosing or
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rewelding was not supported, since the physisorbed film present on

gold should be as effective - increasing crack propagation rates as

chemisorbed films. Based on their observatioris, these authors

concluded that the effect of oxygen in increasing crack growth rates

must be due solely to chemical attack of the metal at the crack tip.

A similar conclusion was also reached by Jacisin who noted that dry

nitrogen was as effective as ultra-high vacuum in preventing acceler-
22

ated crack growth in a 2017-T4 alluminum alloy . The implication was

that neither interference with bulk rewelding or gas phase adsorption

could be respon.ible for accelerated crac]: growth, but that a chemical

reaction of motal with an aggressive environment must take place.

Bulk oxide interference with slip processes has also been

suggested to explain the effect of gaseous environmental fatigue.

Fujita, for e;:ample, suggested that a thin adherent oxide, rapialy

formed on newly emerging slip steps and at the crack tip, reduces the
3V

degrri of reversibility thus accelerating crack growth . Pelloux has

also ncted that aluminum alloys tested in vacuuza do not bhow the

striations associated with Stage II crack growth normally observed

when specimens are cyclically stressed in air (D'g. 8) and proposed
31

that complete'ly reversible slip must occur in vacuu'm . In air, on the

other hand, the fracture surface ox:idizes, striations are developed due

to irreversible slip anO crack growth is accelerated (rig. 9). icyn

hae also observed the absence of sttiations and slip markings in high'
25

strength aluminum alloys tested in vacuum

-=
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Grosskreutz has shown that the slip chairacter of aluminum is

markedly altered in vacuum and has associated this observation with

changes in properties of the oxide ftilm formed on aluminum. At

10-'torr, formation of slip bands was markedly suppressed when compared
32,33

to slip band formation in air (Fig. 10) . Numerous dislocation

dipoles were observed in the near surface region and the effect of

atmosphere was associated with oxidation of emerging surface slip

steps leading to a local "work-hardening" of surface dislocation

sources thus reducing or preventing slip band reversibility and

accordingly leading to delayed crack initiation in vacuum. An

extension ofE this model was also use-I to e.::piain accelerated crack

growth, Later e.-cperiments to further understand this effect, how-

ever, showed that the mechanical propert'ks of the oxide film are

markedly increased in vacuum, the Young's modulus of the thin oxide
34

film being increased by a factor of 4. Thus the stronger pre-

existing film observed in vacuum is responsible for the reduction of

surface slip and, conversely, the weaker film in air is easily

ruptured by emerging slip steps and crack initiation and propagation

are accordingly accelerated. The change in imoaulus and strength of

the oxide film was associated a'!ith absorbed water vapor from the

ambient environment, aluminum o::ide being highly hydroscopic.

A similar mechanism based on a strong oxide film to explain

accelerated crack initiation and growth in an aluminu. alloy has been
24

postulated by Shen et al . Noting that the number of cycles to
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failure in an 1100 ali .... alloy was independent of partial p;essuZe

of oxygcn above 3 Y. lo0':! and below 10 2 torr, these investigators

suggested that surface regions are strengthened by oxide films,

Specifically, surface films prevent dislocation escape through the

alloy free surface and accordingly lead to large accumulations of

dislocation debris in near surface regions. The formation of

cavities and voids (as suggested by Wood et al. to enplain fatigue
35

crack growth ) is thus enhanced and crack propagation rates increase.

At low pressures, oxidation of newly created surfaces is slower,

dislocation escape from the surface is more common, and cavity

formation and void linkage delayed (Fig. 11).

The incidence of a small range of critical partial pressure

of oxygen appears to be characteristic of gaseous environmental

fatigue; "s" shaped curves of cycles to failure being reported by a
2,20,24,36

number of investigators (Fig. 12) . Generally these curves

are explained by equating the arrival of a gaseous species at a

growing crack tip and the reaction rate of the gas with the metal.

A number of models have been proposed based on kinetic gas theory
23 25

with varying results. For example, Bradshaw and Wheeler , Hordon
37

and Snowden all equated the rate of a surface coverage at the crack

tip with the rate of new surface generation to arrive at a critical

pressure for the effect of adsorbed gases.

11ordon's equation, expressed as a critical pres!are, reduces to:



C ( -9-

2 r (3.5 x 1022) (A) (t)

where PC = critIcal pressure

ratio of crack length to width
r
A cross sectional area of impinging molecules

Ni = molecular weight of adsorbate

T = absolute temperature.

Results using this type of formulation have not been entirely

successful, with discrepancies as large as 103torr in critical

pressure being observed and being attributed either to capillary
25,37

attenuation factors or to a requirement for multilayer adsorbed

gas coverage.

Achter and co-workers, on the other hand, has been able to

resolve some of the noted discrepancies without recourse to either of

these factors by taking into account the observed crack propagation

rate, the fact that fatigue cracks are usually only exposed to the

environment for part of each cycle, and the argument that the crack

propagates in discrete increments of the order of a lattice constant,

each increment being saturated with adsorbate before the next is
38

produced . The time of exposure for each increment is:

f = _ sec. (2)

da f

where y is the interatomic spacing
da
T,, is the doserved crazk propagation rate, and

f is the frequency' of applied stress.
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0

For metals, > is the order of 3A and the density of sites on the metal

surface is • 1.4 x 105c-2

The impingement rate from kinetic gas theory is

3.5 x 1022

F 1.4 X 05 (14T) sec.

where p = gas pressure

14 = molecular weight of adsorbate

T = absolute temperature.

Accordingly the time required for saturation is:

1.4 x 1015(iT) 2t = 1022 4
3.5 X 10 (

and, equating (2) and (4)

- '°0 X 102 _ l t'I orr(5

Using this formulation Achter was able to reduce the discrepancy

for -.he work of Bradshaw and Wheeler in aluminuu alloys and for his

own work on stainless steels at 500 0 C to a factor ranging from 5-10.

The physical process of chemisorption involves an exchange or

sharing of bonding electrons between a substrate and an adsorbate and

hence, by definition, lowers the surface energy of the substrate.

This behavior has been used to explain environmental cracking

phenomena under a variety of conditions, and has recently been used to

explain the effect of oxygen to accelerate fatigue crack propagation
12

rates . In gaseous environments one or more aggressive species in

the atnicsphere is thought to chemisorb at a growing crack tip,
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lowering the bond energy of the metal atoms and thus accelerating

propagation.

Although the majority of metals and alloys considered in

environmental studies fail predominantly by Stage II fatiguc cracking

(cracking normal to the stress axis) with a large degree of associated

plasticity, some authors have suggested that the Stage I mode of

cracking (along slip bands) is more sensitive to environmental
10, 29

effects Since Stage I cracks extend only a few microns or a

grain diameter from the surface in jiost materials, this conclusion

has been difficult to support. However, it has recently been shown

that extensive Stage I fractures occur in high-strength nickel alloy

single crystals because of the highly planar nature? of plastic

deformation in that class of alloys and, significantly, single

crystals of these alloys show marked differences in fatigue life and

fracture surface appearance when crystals tested in air are compared
12

with cry~stals tested in moderate vacuo of P 10-Storr (Fig. 13, 14).

Although fcc materials do not usually fail by cleavage and the

tensile ductility of nickel base superalloys single crystals exceeds

15,o at room temperature, locali7zd cleavage occurs at the crack tip

in the low stress range tests in air whiie ductile (dimpled) rupture

occurs in vacuum. One approach to understanding this behavior is

that of thet Kelly, Cottrell, Tyson criterion for whether cracking in
39

crystalline materials will occur in a ductile or a brittle manner

These authors have proposed that cleavage will occur if the ratio, R,
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of the normal stress to the applied shear stress at the crack tip,

C/1., is greater than the ratio of the theoretical fracture stress to

the theoretical shear stress, rth/Tth, for a perfect crystal of the

material. In general, R > Oth/Tth for bcc metals, alkali halides,

diamond and R < rth/rth 4or fcc metals, uhich is in agreement with the

relative tendency for these materials to cleave. Westwood et al have

shown that cleavage of aluminum in the presence of liquid gallium can
40

be explained by a low.iering of rth by adsorption . The build-up of

edge dislocation dipoles observed in the case of the superalloy sirgle

crystals can be view:ed as increasing r and the lo',.ring of the surface

energy by o:tygen adsorption as reducing th, both effects tending to

make R > (th/Tth and thus promoting local cleavage. In vacuum tests

at low stress ranges, 0th is not affected by adsorption, and Stage I

fracture occurs with more local plastic deformation as evidenced by

the dý mples on the fracture surface and the slowier rate of crac]c

growth.

In dealing with cleavage under conditions of limited plastic

deformation, the Griffith-Orowan equation:

÷f= C /B + Vp) (6)

(1- Ti2 )-L

has been successfully applied, where af is the fracture stress under

plane strain conditions, c is a constant dependent on the orientation

of the crack with respect to the tensile a;:is and the location of the

crack at the surface or in the interior. r is Young's modulus, vs is

ta
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the energy expended in plastic deformation during the formation of

new crack surface, v is Poisson's ratio and L is the crack length.

Using this criterion, cracking will start if

Cf> C ('V + Vp) (7)

(1- 2)VL

and will be catastrophic because ½ is reduced ant] L is increased as

the crack grows.

Since Stage I fracture in nickel-base superalloys and in other

alloy systems involves a localized cyclic cleavage, it is possible to

extend the Griffith-Orowan criterion to this situation. In addition

to the applied stress, -a, there is a local stress .p near the crack

tip resulting from an appropriate distribution of dislocations or

other defects in the plastic zone. The magnitude of cp will decrease

with distance from the crack tip in accordance with a reduced dislo-

cation density in going frorm the crack tip to the edge of the plastic

zone. In order to consid.r the effect of this stress in a modified

Griffith-Orowan criterion, we define an equivalent stress, Ce, applied

at infinity that gives the same strain enerU release during crack

growth as that provided by rp near the crack tip. The relevant

equation may then be expressed as follows:

= Ca + Cre = C I -Ed+ ") (')

( 1- •2) -L

where - 'Yads is the lowering of surface energy due tc gas adsorption.
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the energy ezpendeR in plastic deformation dur-.ng the formation of

new crack surface, v is Poisson's ratio and L is the crack length.

Using this criterion, cracking will start if

af>C"EV+-p (7)
(1- 92 /ffL

and will be catastrophic because Ap is reduced and L is increased as

`-the crack grows.

Since Stage I fracture in nickel-'base superalloys and in other

alloy systems involves a localized cyclic cleavage, it is possible to

extend the Griffith-Orowan criterion to this situation. In addition

to the applied stress, va' there is a local stress ap near the crack

tip resulting from an appropriate distribution of dislocations or

other defects in the plastic zone. The magnitude of wp w.ill decrease

with distance Zrom the crack tip in accordance with a reduced dislo-

cation density in going from the crack tip to the edge of the plastic

zone. In order to consider the effect of this stress in a modified

Griffith-Orovian criterion, we define an equivalent stress, fe, applied

at infinity that gives the sam.e strain energy releaso during crack

growth as that provided by cp near the crack tip. The relevant

equation may then be ex.pressed as follows:

Cf = + •e C = v - Vads + *I) (3)

(1- ,22) L

where - Yads is the lowering of surface energy due to gas adsorption.
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Cr',ck propagation will occur so long as

ea+ r-P > C V-r(vs a..-• ds: + ... /p) (9) i
(l -(9

For the majority of high cycle fatigue experiments, ca may be

considered fixed by the maximum stress in the cycle and cp is a local

eihanceme-nt of stress at the crack tip. For nickel base alloys this

stress enhancement has boon attributed to an array of dislocation
12

dipoles in the crack plane . As a first approximation 'a + an may

be considered constant in each cycle prior to crack extension. Once h
a crac%: begins to propagate, it runs into ; region of lower cp

(and Ce) as a result of the gradient in defect structure with

distance from the crack tip aud thus comes to a stop in each cycle.

When ca is low, Vp -ý 0 and ,ads can be a significant fraction of

Vs + vp. Thus, the difference in magnitude between the left and

right-hand sides of Eq. 8 will be greater in air than in vacuum and

as a result, a crack in air will grow further in each cycle.

This model may be used to consider both Stage I and Stage II

fracture in other materials where localized cleavage occurs at the

crack tip. Slip plane fractures that are highly reflective and

exhibit fracture steps and river lines have also been observed in a
41,42

number of AL alloys that exhibit planax slip . In addition

cyclic cleavage fractures that occur in the Stage II mode have been
43-45

described in some bcc alloys . In support of this model, it is
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interesting to note that nickel base superalloy single c::ystals

cycled at ultrasonic freqiencies also show increased fatigue lines
46

and dimpled fra'ture surfaces . At these test frequencies where

failure occurs in a matter of minutes, oxygen presumably adsorbs at

a lcwer rate than the crack growth rate and the fatigue crack

accordingly propagates in a virtual vacuum.

Although this model appears to be sound for caqes where limited

ductility is observed such as is presumably the case for Stage I

microcracks in the majority of materials and for both Stage I and

Stage II cracks in high strength precipitation hardened alloys, it

seems unlikely that it would be valid for Stage II cracks in more

ductile materials. The criticism of a surface energy reduction

mechanism in these cases generally hinge& on the fact that the strain

energy associated with large plastic zones in the vicinity of growing

cracks should be orders of magnitude greater than the amount of

energy reduction attributed to surface adsorption. This criticism

would appear to be well founded and, based on the conflicting obser-

vations Df a number of investigators, it must be concluded that no

general mechanism to explain the effect of environment on Stage II

crack propagation in ductile metals and alloys can yet be accepted

unequivocally. Perhaps, the most promising models are those which

suggest an interference with slip reversibility due to a thin

corrosion product interaction with emerging slip bands such as those
8-10

proposed by Wadsworth and co-workers and apparently supported by

-AJ
I=
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31
the work of Pelloux . Perhaps externsive fractographic studies of

noble metals (such as gold) tested in ai.r and in vacuum and of more

reactive alloys in air and in carefully controlled inert atmospheres

would be hulpful in resolving some of the current controversics.

B. Elevated Temperatures

An understanding of the effects of environment at elevated

temperatures is dependent on an understanding of the various modes

of crack initiation and propagation that can occur. While

researchers have noted a transition from transgranular to inter-

granular fracture as the temperature is increased or the frequency

reduced at elevated temperatures, little has been done to separate

the effects of elevated temperature testing variables on the modes

of crack initiation and crack propagation. In recent work on both

polycrystalline and single crystal nickel-base superalloys, the creep

component associated with elevated temperature defor'mation is also

thought to be a factor. (In a. constant stress test this can be

determined by measuring the specimen elongati.on in each cycle.) For

a given alloy. the creep component in each cycle increases with

increased temperature, mean stress, hold times and with reduced

frequency. Where there is no creep component or it is small, the

normal low temperature behavior is observed, Crack initiation and

propagation are transgranular, with the propagation mode showing the

normal Stage i to Stage II transition. Exceptions to this may arise

if grain boundaries contain brittle phases that are a source of
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intergranular initiation. The first observed effect of an increased
creep component is usually a transition from transgranular to inter-

granular initiation. The propagation stage may be left unchanged.

With a further increase in the creep component, intergranalar defor-

mation undergoes a change from the planar to the wavy mode. where

deformation at the crack tip is wavy, then only Stage II cracking will
47

occur . Finally, when sufficient creep occurs in each cycle, both

the initiation and propagation stages become intergranular. As an

example, the effect of temperature on the mode of cracking at the
43

surface of polycrystalline Udimet 700 is shown in Fig. 15 . Slip

band cracking is evident at 70OF and grain boundary cracking at

1700 0 F. These changes in the modes of crack initiation and propa-

gation are significant because (1) the rate of intergranular crack

initiation and propagation is faster than when cracking is trans-
49, 50

granular and (2) the environment can also affect these transitions

and therefore the fatigue life.

In a single crystal, surface oxidation occurs at a reasonably

uniform rate over the entire surface, except where phases or non-

metallic inclusions that are less oxidation resistant than the matrix

intersect the surface. The rate of penetration of the oxide in these

phases can be many times greater than that in the surrounding matrix.

In polycrystals of most structural alloys, grain boundaries are

surfaces along which these precipitates or non-metallic inclusions are

preferentially concentrated. As a result, oxide penctration along a
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grain boundary intersecting the surface is deeper than in the matrix.

Since in most cases the o2cide is brittle and often poorly bonded to

the surrounding metal, a fatigue crack can easily form in the oxide

or at the oxiee-metal interface (Fig. 15). Paskiet, Boone and
50

Sullivan have shown that pre-oxidation of a specimen at 1800OF

followed by fatigue testing at 1400OF produces many surface inteo-

granular cracks; whereas, testing of specimens without prior oxidation

produces a single intergranular crack. Thus, pre-c'i.dized or

preferentially-o-.dized phases or grain boundaries serve as incipient

cracks. Another exa:aiple of the effect of oxidation on fatigue crack

initiation was demonstrated by Hodgson. This investigator showed

that, for stainless steels at high temperatures and high strain rates,

air formed oxide induces notches which result in nucleation of new
54

surface grains and result in grain Youndary initiation (Fig. 16).

Just as grain boundary oxidation affects the rate of inter-

granular crack initiation, it may also control the rate of grain

boundary crack propagation. The microstructure of the 4rain boundary
51-54

ahead of a crack is changed by oxidation . Not only is ox:ide

formed near the crack tip, but for a distance ahead of the crack, the

region is depleted of oxide-forming elements. Fig. 17 shows the
55

oxide just ahead of a crack in a nickel-base superalloy (dark phases).

At further distances from the crack, the region is denuded of the

strengthening y' precipitate (light etching area) because aluminum and

titanium diffuse out of the region to form oxide. As a result of

:2



oxidation, the crack in the next period will propagate into a region

having changed chemical and mechanical properties. Thus, there are a

number of possible influences of oxygen on the rate of intergranular

crack growth. If the rate of crack growth in the absence of oxygen

(i.e., in a vacuum test) is greater than the size of the zone affected

by oxidation, then the crack propagation rate will be relatively

unchanged by oxidation. This case would be found at relatively high

strain ranges and frequencies or at low temperatures. On the other

hand, at low strain ranges, low frequencies and high temperatures, the

increment of crack growth in each cycle may be controlled by the size C

of the oxygen-affected zone at the crack tip. This may be viewed as a
53

stress corrosion phenomenon

Comparisons of the fatigue lives in air and vacuum at elevated

temperatures have been conducted for nickel-base and cobalt-base alloys

as well as stair•less steel. In all of these materials, over most of

the life range, the fatigue life in vacuum is greater than that in air
56

(Fig. 18) . The lives in air and vacuum converge at low. stress ranges

and it appears that, in some materials at very long lives, there is a

cross over point beyond which the lives in air are greater than that in
36,56 36 57

vacuum . Danek, Srzith and Achter and Achter have e.plained

these results on the basis of two competing effects. At high stresses

and short lives, oxygen adsorption at the crack tip accelerates the

rate of crack growth in air. At ltw stresses and long times, a thicker

oxide forms which is thought to strengthen the metal.

An alternate explanation for these results that is consistent with i

fj

/I
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the previous discussion is possible. At high stresses and short lives,

crack initiation and, in some cases, crack propagation are inter-

granular because of the high creep component in the cycle. For tests

run in air, oxidation of grain boundary phases accelerates the rates of

intergranular crack initiatio- and propagation and reduces the fatigue

life. As the stress is lowered, the creep component in the cycle is

reduced, which favors a transgranular mode of cracking. Since the

fatigue life is longer, oxide can form on the surfaces of Stage II

cracks and retard the rate of Stage II czack grcwth.

The degree of oxidation and the creep component in the cycle

depend on the alloy system, environment, temperature, frequency and the

length of hold times in the cycle. There has been little work to

explore the interaction between these testing variables and the50
environmental effect. one such study by Coffin shows that the low-

cycle fatigue life of an iron-base superalloy, A286, is greater in

vacuum than in air at 11000F. The fatigue life Af this material shows

a strong frequency dependence in air, but little frequency dependence

in vacuum. This suggests that over the frequency range studied, 0.2

to 10 cycles per min,, the frequency effect in air tests is associated

with oxidation. In this study, the tests were run under strain control

so the effects of frequeticy on creep are minimized. In stress-

controlled tests over a wider range of frequencies in air on nickel-
59

base superalloys: U-700 polycrystals at 1400OF (Fig. 19) and 14AR-1.1200
60

single crystals at 14000 to 1700OF, the initial increase in fatigue
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life with increased frequency is shown to iesult from a reduced creep

component and a reduced time for oxidation. With a further increase

in frequency, all cracks are initiated below the specimen surface and

the resultant changes in fatigue life are associated with the degree of

planar slip dispersal rather than oxidation.

The creep component in the cycle may, itself, be altered by the

environment. Shahinian and Ac6ter have shown in a series of

nickel-and iron-base alloys that the creep life in vacuum is greater

than that in air where oxidation is limited; high stresses and low

temperatures. But, the life in air becomes greater than in vacuum

where more extensive oxidation occurs; low stresses and high temper-

atuzeu;. Differences in creep lives in air and vacuum may be

associated with the stress level, oxidation of grain boundary phases,

the blockage of dislocations by a thin adherent oxi2e and the cracking
65,66

of thicker oxides . In thin sections, differences in creep rates

may be associated with tensile stresses in the matrix generated by
67

oxide film formation

Fatigue properties as a function of the temperature have also
68

been conducted on superalloy single crystals . Fig. 20 shows the

endurance limit (stress range required to produce failure in 106

cycles) for low carbon N4AR-1200 single crystals as a function of

temperature in air and vacuum. At all stress ranges at room temper-

ature the fatigue life in vacuum is greater than that in air, at 1400 0 F

the lives are about the same, and at 1700OF the

za
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life in vzcuum is less than that in air.

At room temperature and 4000F, crack initiation occurs (Fig. 21)

at the specimen surface. At 800 0 F and above, crack initiation in

vacuum tests is at the surface, but crack initiation in the air tests

is in the specimen interior (Fig. 22). Crack propagation is on fill)

planes at temperatures between 700 and 14000F. At 15500 and 1700OF

crack propagation is initially in the Stage II mode Lut there is a

transition to Stage I with increasing crack length. It is important

to note that in the air tests at 8000F and above there were no

t• secondary surface-connected cracks, except at 17000F.

Since crack initiation in the air tests over the intermediate

temperature region is in the specimen inter5o-:, the initiation and

initial stages of propagation are in a vacuum. Thus, it may be

concluded that the similar fatigue lives observed in air and vacuum

result from the fact that in each case most of the specimen life is

spent in vacuum.

One of the most dramatic observ-miuvis u? the beneficial effect of

oxygen on the elevated temperature fatigue of nickel-base superalloys
69,70

is the change from surface to subsurface crack initiation as the

temperature of testing is increased. Crack initiation at room temper-

ature in most materials occurs at the surface because of the greater

slip activity associated with a free surface and because of the

detrimental effect of the environment on both initiation and propa-

gition processes. But in the temperature regime of 000 to 15500F, a
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thin adherent oxide forms on the specimen and this suppresses crack

initiation. Pre-oxidation of a specimen follow-ed by testing under

conditions at which crack initiation narmally occurs at the surface

had no effect; crack initiation was still at the surface. This indi-

cates that a static oxide is not sufficient to produce the beneficial

effect. On the other hand, whesi specimens were tested at high strain

ranges in air and vacuum at 14000F, surface slip war more uniformly

distributed and less intense in air than in vacuum (Fig. 23). It is

thought that oxygen atoms impinging on freshly formed surface slip

offsets form a thin oxide on the step and reduce the degree of slip

reversibility in air compazed to that in vacuum. The oxide work

hardens the slip band and slip is generated in adjacent regions

(Fiq. 24). imore specific raodels involving dislocation-oxygen inter-
71

action have been presented by Fujita . It is expected that the

planar slip generated at micropores in the interior of the specimen

is more heterogeneously distributed, similar to that generated at the

surface of vacuum specimens, and this leads to interior crack

initiation.

The observations are in agreen,%nt with those reported by Smith
72

and Shahinian for Type 316 stainless steel . They find at temper-

atures between 770F and 14720F that the surface hardness increases

with cycling when tests are conducted in an environment containing

more than a critical partial pressure of oxygen. Furthermore, the

effect is reversible; if the pressure of oxygen is reduced then the



-24-

surface hardness falls. These results indicate the importance of the

continual presence of oxygen to saturate newly formed slir steps.

Actual observations of surface slip distribution were made by Smith
73

and Shahinian in the case of Inconel X at 932 0 F . Slip was finer

and more homogeneously distributed in tests conducted in 1 torr of

oxygen compared to thcse conducted in 6 x 10 7 torr.

Specimens tested in air at 1700OF are unlike those tested at

somewhat lower temperatures in that, although the main fracture is

initiated in the specimen interior, there are numerous secondary
4,7,70

surface-generated cracks (Fig. 25a and b) . At this higher

temperature, a thicker oxide is formed that is easily cracked. The

crack runs along the surface in the oxide layer then proceeds into

the interior. At 1700 0 F, deformation is homogeneous and non-planar

at moderate strain rates and as a result the initial stage of
47

propagation is in the Stage II noncrystallographic mcde . The
74

plastic blunting model proposed by Laird is a satisfactory

description of the fracture process. According to this model, the

crack is blunted during the tensile half cycle and is resharpened

during the unloading cycle. Oxidation of alloys produces a volume

expansion. Thus, when oxide forms on cracic surfaces, the crack

cannot be resharpened to the same degree as in vacuum and the rate

of crack growth is slowed (Fig. 26).
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Aqueous Environments

A. Ferrous Alloys
75

In an early review paper, McAdam described a number of expeci-

ments on corrosion including his own results on carbon-nickel, hign-

chromium, and chromium-nickel steels in various aqueous environments.

He suggested that corrosion fatigue depends oa both the corrosion

intensity and the stress range, and that the "corrosion fatigue limit"

depends on the strength of the material as well as on corrosion

resistance.

From the•s& results, McAdam develop,:d a series of experiments to

test such variables as water composition, alloying, heat treatment,

and corrosion resistance. The effect of prior corrosion on subsequent

fatigue behavior in air was also studied. In tests conducted on

steels, specimeas were corroded first in fresh water for various

lengths of time and then dried, oiled ai-d tested in air. The

resulting S-N culves were similar to those of tests conducted in air

only, but fatigue life and the fatigue limit were lowered increasingly

with increased time of corrosion (Fig. 27). The data also indicated

that the relative detrimental effect of static corrosion increased

with increase in tensile strength of the steel. Similar results were

obtaiaed on specimens mechanically notched, and McAdam concluded that

the damage was due to pits formed in the corrosive media.

R, R. Moore also studied the effect of prior corzosion on the
76,77

fatigue life of steel . Subjecting steel to a 40 day spray of
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20 percent sodium chloride solution reduced the fatigue limit by

22 percent. it is interesting to note, however, that life obtained

when both a corrosive environment and stress were applied simul-

taneously was considerably shorter than for any of the tests
78

performed with prior corrosion

McAdam also demonstrated that the effects of corrosion fatigue

could be represented by means of a three-dimensional plot of stress
79

range, cycles to failure, and test time (frequency) (Fig. 28). From

these plots, a relationship between the corrosion fatigue behavior of

steels in calcium carbonate solutions and in distilled water was

established. This relationship confirmed his previous conclusions

that the influence of stress range and frequency on pitting behavior

is practically the same. Additionally, a summary of a number of

experiments indicated that there was an empirical relationship

between stress and time:

- CSn (10)

where R is equal to the rate of damage, S is the alternating stress
8o

and C and n are constants

The effects of solution concentration and temperature on the
81,82 79,83

fatigue behavior of steels were studied by Gould and by McAdam

Gould performed experiments on mild steel specimens in distilled

water and in various concentrations of KCI. His results indicated

that solutions ranging from 2 molal to 1/40 mclal have similar effects

on corrosion fatigue, but tnat at concentrations nelow 1/40 molal the
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effect approached that of distilled water (Fig. 29).

These e:.•eriments established that over a wide range of cor-

rosivity, fatigue behavior of steels is reduced to a constant level.

In mildly corrosive environments, on the other hand, fatigue behavior

is markedly affected by solution concentration; fatigue life

improving with decreasing solution strength. Similarly Duquette andi 84
Uhlig have also shown that over an order of magnitude of applied

anodic current (30-300ga/cm2 ), fatigue life is essentially constant

in deaerated 3% NaCl solutions and that at lower applied currents

fatigue life is improved (Fig. 30).
79,83

McAdam also studied the effect of different waters including:

(a) a hard well water with an alkalinity of iCOppm (as CaC0 3 ), 100-

200 ppm chloride, and 50 ppm sulfate, (b) a soft water of zero

hardness containing 30 ppm sulfate and 5 ppm chloride, (c) a river

water of one-sixth to one-third the salinity of sea water, and (d) a

fresh water containing up to 20 ppm alkalinity and 5 pp.i chloride.

The hard and soft waters were about equally damaging, but the salt

water was considerably more da-Maging that the "fresh" water.
82

Gould's tests on mild steel in artificial sea water in a

constant-temperature room at 15 0 C, 250C, 35 0 C and 45 0 C showed an

appreciable effect of temperature, with fatigue life being approxi-

mately halved for 107 cyclos when the temperature was raised from

,51 to 450 C (Fig. 31). This is in contrast to the normal air fatigu

behavior of steel which shows no appreciable effect of temperature
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in this range. At temperatures approaching the boiling point of water
85

(82 0 C) Cornet and Golan found that drill rod tested in 2.5 percent

NaCI solutions showed definite improvement in fatigue behavior when

compared to room temperature tests. The authors attributed this bone-

ficial effect to the difference in pitting attack at high temperature,

the pits being more uniformly distributel and shallower, and suggested

that the ratio of cathodic to anodic areas is higher at lower

temperatures.

The effect of stress frequency on corrosion fatigue has been

studied by a number of investigators but is still not completely
5

understood. For example, Gough , in his review of corrosion fatigue,

noted that it is difficult to compare the corrosion fatigue properties

of metals exposed to like environments in view of the fact that data

reported are usually taken at different frequencies. In general, a

given time was found to produce more damage at a higher frequency,

but a given number of cycles was found to produce greater damage at
86

low frequencies. Water and Henn found that with low alloy steels in

fresh water, a frequency of 1450 cycles/min. produced failure in 106

cycles requiring ll hours, but that at a frequency of 5 cycles/min.

failure occurred in 0.11 x 106 cycles or 400 hours. This conclusion
87

was also supported by the work of Endo and Miyas , their curves,

however, converging at low stresses (long endurances) indicated that

failure tended to be predominantly dependent on time (Fig. 32).

The method of applying stress to corrosion fatigue specimens and
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its effect on subsequent behavior have been studied by a number of
85-38 8S.89

investigators . For example, Gough and Sopwith found ratios

of fatigue life at 50 x 106 cycles in direct tension versus bending
90

tests of 0.36 to 1.26 for various steels in a salt spray. Gould , on

the other hand, found that the endurance of steel subjected to fatigue

tests in sea water was several times as great in direction tension as

in bending. He attributed this to a stre:ching of all the anodic

areas in bending, whereas only some of these areas were stretched in

direct tension, thus resulting in more pronounced attack in bending

tests. The reverse effect has been noted in air fatigue tests with

bending tests producing greater fatigue strengths than direct tension
91

tests

To date the effect of pH of aqueous solutions on corrosion fatigue
92

behavior has not received extensive study. Simnad and Evans studied

the effect of 0.1 N HCl on the fatigue life of steels and found

greater damage in this medium than in neutral KCI solutions. Radd,
93

Crowder and Wolfe conducted tests in alkaline media, concluding that

at a pH above 12.1 a fatigue limit is regained. this limit improving

at still higher pH's (Fig. 33). From these results, Radd, et.al.,

concluded that corrosion fatigue is a result of differential aeration

cells producing pits in the metal surface and that a high pH provides

an oxygen diffusion barrier of ferrous hydroxide on the suzface.

Higher fatigue limits at high pH are explained in terms of a "better

and more perfect film barrier". These results generally agree with
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those of Duquette and Uhlig who showed that fatigue life is reduced in

solutions of pH less than 4, remains constant a pH's between 4 and 10,

and increases markedly at pH > 10, a true fatigue limit being observed
84

at pH's greater than 12
94

Thum and Holzhauer's work , performed on boiler steels at 2750 C,

showed that additions of 0.7 g/l NaOH to distilled water improved the

fatigue limit by approximately 20 percent, but that increasing the

NaOH concentration to 200 g/l lowered the fatigue limit by apprcxi-

mately 10 percent. At the higher alkaline concentrations, inter-

granular, as well as transgranular, cracking wps observed indicating

that caustic cracking (stress corrosion cracking) was also occurring

during normal fatigue cracking.

Although, in a few cases, annealing has been shown to be bene-
95,96

ficial , alloying and heat treatment of steels usually have little

effect on the corrosion fatigue characteristics unless the alloying is

undartaken specifically to improve corrosicn resistance. Thus, the

use of low alloy steels and high carbon steels is not beneficial in

most corrosive media, whereas in air their fatigue limits increase

directly with their ultimate tensile st -engths. The work of Inglis
97

and Larke on mild steel and on low alloy steels in river water and
90

that of Burnham on marine piston rods in sea water confirmed these

results.
5

Gough's review paper suggested that there was considerable

evidence for the 'importance of dissolved oxygen to the mechanism of

,Zi

7•I
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99

corrosion fatigue, For example, Lehmann noted an improvement in the 1

fatigue life of steel specimens when the specimens were completely

immersed at 96 0C. He concluded that this improvement was due to the
100

limited snlubility of oxygen at this temperature. Binnie noted that

sodium chloride solution dripped through air was extremely damaging to

fatigue specimens. On the other hand, when the specimens were

surrounded with a commercial hydrogen atmosphere, he observed higher

fatigue life, with still further improvement as the purity of hydrogen
101

was increased. Similar effects were observed by Fuller in aerated

and deaerated steam,
102

Mehdizadeh, et.al have reported the results of fatigue tests

conducted in sodium chloride solutions containing air, hydrogen sulfide

and carbon dioxide on the fatigue behavior of both normalized and

qusnched and tempered 1035 steel. These authors noted that, while

hydrogen sulfide was not particularly damaging in the absence of air,

carbon dioxide, was equally damaging in the presence or absence of air.

Perhaps more importantly, their results showed that complete

deaeraticn of sodium chloride solutions caused a reappearance of the

fatigue limit observed in dry air tests, thus indicating that

dissolved oxygen is essential to the corrosion fatigue mechanism in

neutral pH solutions (Fig. 34). This result was also confirmed by
103

other investigators for 3% NaCl solutions and for distilled water

The presence of the chloride ion alone in deaerated solutions, howeve•

is sufficient to lower fatigue life although it does not affect the
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fatigue limit (Fig. 35).

B. Non-Ferrous Allos

Co£pper-B ase •Alloys

As in the case of ferrous alloys, much of the early corrosion

fatigue work on non-ferrous alloys was conducted by iHcAdam and his
104

co-workers , and their results are reported in tabular form for Cu,

Ni-Cu, Monel, Al, A1 2 -Iin and duraluminum in a number of journal

articles. Results for phosphor, aluminum and beryllium bronzes were

also reported by Gough and Sopwith who showed that the corrosion

fatigue resistance of bronze compares favorably with that of stainless
105

steel; beryllium bronze showing exceptional resistance to damage
106

McAdam and Geil showed that in two-phase aluminum bronzes, corrosion

fatigv'e associated pits are confined to tv-phase regions and grow at a

pronounced angle to the specimen surface, probably because of the

Stage I fatigue cracking usually associated with these alloys.

Single phase aluminum bronzes also exhibit considerable corrosion

fatigue resistance in salt water, fatigue lives being equivalent to or
107

somewhat better than stainless steels

Pure copper is exceptionally resistant to corrosion fatigue damage

in neutral waters, fatigue life being identical in air and in aqueous

enviroixments. Only under the imposition of large anodic amounts

(• 100 gA/cm 2) does copper show a significant reduction in fatigue
108

life due to corrosion



-33-

Aluminum-Base Alloys

Although pure aluminum is known to pit in chloride containing

aqueous media, its fatigue life is relatively unaffected by these

environments. Aluminum alloys, particularly those which have been

alloyed to exhibit high yield and tensile strengths, on the other hand

are highly susceptible to corrosion fatigue.

Pre-corrosion of duraluminumn sheet for a period of 5-10 days by

20% NaCl water sprays, while showing no reduction in tensile strength,

shmowed a marked (25%) decrease in ductility and a 35% reduction in
76

endurance limit . This reduction was attributed to a notch effect

created by intergranular corrosion. Similar results were also
77,109

reported after an 18 hour immersion in artificial sea water

During conjoint exposure of Al-14g alloys to cyclic stresses and 3%

NaCl solutions, cracking was shown to be associated with transgranular
I10

preciritates rather than grain boundaries with maximum resistance

corresponding to an air cooled G% 1.1g alloy. Pitigue tests conducted

on Al 0. 614g ISi alloys in tap water and in 3% NaCI solutions showed

dramatic reductions in fatigue strength; the endurance linit being
i11

reduced 50% in tap H2 0 and 75% in the NaCI solution . The influence

of anionic, cationic and non-ionogenic wetting agents on the corrosicn

fatigue resistance of A1-7% Ig alloys has also been studied in

distilled H2 0 and, 3% NaCI, f1CI and Na0R solutions. While anionic

agents increase the corrosion fatigue resistance, cationic and non-

ionogenic agents have little or no effect. These authors ascibe the
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action of wetting agents to a reduction of surface energy combined
112

with changes in the surface films formed in the metal

In an extensive study of fatigue crack initiation and propagation
113-121

in high strength aluminum alloys, Forsyth and Stubbington have

shown that the fatigue behavior of AI-Zn-jig alloys (of the 7075 type)

is markedly affected by the presence of NaCl solution. These authors

obs-rved that under corrosive conditions crack initiation was

generally transgranular,although in the peak aged condition at low

frequencies cracking was occasionally observed to occur at grain

boundaries and then propagate transgranularly (stress corrosion cracks

in these alloys are generally intercrystalline associated with grain

boundary precipitates). A similar observation has been made for
122

aluminum Go/. magnesium alloys . When continuous grain boundary pre-

cipitates were present corrosion fatig.ie cracking was entirely inter-

crystalline while with discontinuous precipitation cracking initiated

at the grain boundary but reverted to a transcrystalline mode a short

distance below the specimen surface. Forsyth and Stubbington also

noted that at low applied stresses the crystalline mode of cracking

(Stage I) is not only extended but the fracture path shifts from a
1223

(111) plane to an apparent (100) plane, Pelloux has also noted this

shift of crack plane for precracked 2024 Ai alloys under the influence

of applied anodic currents (Fig. 36). Forsyth and Stubbington attri-

buted the reduction of fatigue strength of these high strength

aluminum alloys to preferential slip band corrosion due to
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electrochemical heterogeneity arising from plastic deformation; the

dislocation pile-upa in the slip bands being anodic to the metal

matrix.

The combined interaction of corrosive environments and ultra-

sonic frequency on aluminum alloys has been studied by Hockenhull,
124

Monks and Sala who concluded that the same types of effects occur

even at very high frequency (20 kHz) i.e., that in the presence of

aggressive solutions fatigue lives are shortened and endurance limits

eliminated, but that at least part of the damaging effects were due to

mechanical wedging of a growing crack by the liquid.

A relatively recent innovation in the evaluation of corrosion

fatigue crack propagation has been provided by the introduction of

fracture mechanics concepts to cyclic deformation-environmental

interactions. While these techniques, which consist of monitoring the

growth of fatigue cracks under the influence of controlled stress

concentrations, present some difficulties for theoretical interpre-

tation, they provide useful engineering criteria for failure

predictions. This approach has been particularly useful in dealing

with aluminum alloys used for aerospace applications. While a

comprehensive treatment of this field is beyond the scope of this

review, it should be pointed out that several review articl-s on this

subject are currently available. Specifically, these are the
125-127

proceedings of three recent symposia and two recent articles by
128 129

Johnson and Paris and by Wei concerning the growth of fatigue
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cracks under environmental conditions.

Miscellaneous Alloys

While the corrosion fatigue behavior of few alloys other than

ferrous and aluminum alloys has been studied,the behavior of lead and

lead alloys has been investigated in air and in 38% H2 S0 4 , the H2 S0 4

solution resulting in a much lower fatigue life. The author attributed
130

this reduction to a notch effect created by grain boundary corrosion

Magnesium-aluminum alloys are also highly susceptible to corrosion

fatigue, accelerated crack initiation being attributed to galvanic
110

effects between intracrystalline precipitates and the matrix illoy .

C. Protective Measures

Several investigators have reported some protection against

corrosion fatigue either by inducing compressive stresses at the metal

surface, by adding inhibitors to the aqueous environment, or by applying

external currents. For example, protection against corrosion fatigue
131 132,133

has been dbtained by shot peening , surface rolling , and by

97 134 96
nitrid'.ng Portevin and Mailander reported beneficial eflects and

135
Dolan and Benniger also found a 50 percent increase in fatigue life

136

at 108 cycles in fresh water due to nitriding. Junger found that the

protective action of surface compression, although effective in short-

Stime tests, decreased considerably in long-time tests in sea water. On

the other hand, nitrided steels showed no rusting and a 500-800 percent

increase in fatigue trength without showing a true fatigue limit.

Nitriding and surface compression have also been shown to be beneficial
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for improving fatigue behavior in air. Karpenko and Ischenko have also

noted that surface rolling is beneficial in the presence of surface
137

active agents

Inhibitors have been shown to be beneficial, although a higher

concentration of inhibitor was required than is normally needed to

prevent uniform "orrosion in the same solution. Speller, McCorkle and
138,139

Mumma studied the effect of chromates and dichromates in concen-

trations of 25-30,000 ppm sodium chloride, Their results indicated

that more inhibitor was required at higher chloride concentrations,

and that dichromate of 200-800 ppm is superior to chromate of

e'!uivalent concentration (Fig. 37). Crevice corrosion was observed at

a solution-rubber washer interface in these solutions. Danves, Kamp
140 81 141

and Hotthaus , Guuld, and Gould and Evans also reported improved

fatigue behavior by the addition of 0.001 1.- to 2 1.- chromates in 0.001 "1

to 1 M1 KCI solutions. Greater than 1 1. chromates were shown to be
142

especially beneficial. Fink, Turner and Paul observed that satu-

ration with z'nc yellow 'igment was more effective than equivalent

additions of potassium chromate in preventing corrosion fatigue in

chloride solutions but noted that as the inhibitor was added, results

became scattered and no true fatique limit could be obtained for long-

time tests. This anrimalous behavior was attributed to local breakdown
143

of passive films and subsequent attack. Speller nt.al. noted that a

high concentration of chromate was required to initiate a passive film,

but that lower concentrations sufficed to maintain it. Sodium
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31
carbonate was shown to be effective in preventing corrosion fatigue

144 94
in distilled water, and Holtzhauer and Thum and Holtzhauer noted

that trisodium phosphate was also beneficial.

Various cathodic, anodic and inert coatings have a'-so been in-

vestigated to prevent corrosion fatigue. Cathodic coatings are

generally only effective if the coating remains unbroken, and

accordingly several investigators have shown that breaks in the coating

accelerate corrosion 2atigue behavior, p.robably by accelerating
145

corrosion at the breaks (Fig. 33a). Thus, Kenyon found copper
146

cozat>.g to accelerate damage. On the other hand, Cazaud found

e 2 ect--r- ted nchel and chromium to be slightly beneficial in fresh
S97 147

watcr, and in!is and Larize an-a W.ilson fct'xd nickel to be ]--neficial

in rixer water and in salt spray, raspectively.

Chromium plating was also found to be beneficial for corrosion

fatigue resistance of high strength stcols, especially if the plating

waC .[lied n shot peened or ball rolled surfaces. Case hardening

and, chmromum coatings w•re still more resistant co corzicion fatigue

and zinc coatings weze also shown to be beneficial although not so
143

much as -he chro'iium coatings . The state of stress of chrom-ium

coatings has also been shown to be in.,portant with residual tensile

stresses being da;,zaqing to the steel under corrosion fatigue conditions,

but that improvement in behavior could be realized if the -sores in the

coating were scale-I with linseed oil. Coating steels with corrosion

resistant steels by metallizing has also been attetmited with somie
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improvement of fatigue life even in air, but only if the surface was
151

carefully polished to avoid crack initiators . This process, as

with many metalliz;.ng processes, is not effective at high applied

stresses because of the inherent brittleness of the coatings.

Chn.mizing (reaction of steel surfaces with Cr to produce an adherentIcc•ti4CZ) has also been shown to be effective in improving fatigue life
152

under corrosive conditions

A.nodic metal coatings, on the other hand, have generally been

shrAn to be beneficial even when the film was locally ruptured
153,154

P .C. ?I ..a'. s e;periments .. .h galvanized steel wires

S..... • •.t '~- .cn th.t zinc could be used to markedl.y, increase
155

S-- :- _. r,'-r'-• experi;n-nts by Krystof

ar-d Behrnns confirmed Faigh's results and indicated that

e .. -tr1ated zinc was superior to galvanizing iii preventing corrosion
6,141,158,159

frtigue. Other investigators have studied uha aehlv'or

o0. Zinc ard cajr:•iium electroplates on steel specimens in various

a.qtueous . and all have arrived at the same conclusion.
160

Huddle and Evans also showed that zinc-rich paints could be bene-.

ficial for steels in salt solutions.

The effect of anodizing to protect aluminum alloys from corrosion

fatigue has also been studied with somewhat mixed results, some
161

authors showing no effect and others a mired effect with improvement
162

of CItigue life in corrosive solutions but a reduction in air
163, 164

Sprayed metallic coatings have also been shown to be effective
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if stresses are not .- large as to rupture the coatings.

organic and inorganic coatings have been investigated by Gough and,
165 166 136,167

Sopwith , Speller and McCorklP , and others . Each of these

investigators concluded that the only purpose these coatings served was

as a physical barrier to surrounding solutions and that they were not

effective unless absolutely continuous.

Applying cathodic current as a means of reducing corrosion fatigue

of steel wire specimens in neutral KCl solutions was first investigated
168

by Evans and Simnad * Although it was possible to completely prevent

failure in these solutions, a lower fatigue limit was observed, this

limit being a function of applied current (Fig. 39). In acid solutions
92

(0.1 N HC1), on the other hand, these authors noted some improvement

of fatigue life with applied cathodic current, although it was nlot

possible to completely inhibit failure. Pnalyses of dissolved iron at

high currents (,. 2 ma) indicated no corrosive attack, but these

investigators concluded that any iron dissolved at the tip of a crack

was redeposited at the mouth of The crack. It was also noted that a

higher current was required at higher stresses in order to prevent

accumulation of dissolved iron in solution.
169

Glikman and Suprun studied high medium (0.37 percent) steels in

3 percent 11aCl and noted that the protection afforded by applied

cathodic currents was directly proportional to current density

(I amp/cm2 , max.), with 1,nodic currents decreasing life to the same

extent. Sp~hn also noted, however, that he was unable to completely
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protect against failure in acid solutions and suggested that it

remained to be shown whether r not cathodic protection against

corrosion fatigue in acids was possible. Cathodic polarizatioA of
17C 171

mild steels was also investigated by Mina.d and Takada and Sphhn

In each case, a fatigue limit identical to that observed in air was

observed at sufficiently active potentials in neutral solutions.

Minami and Takada noted that even at potentials where a significant

amount of hydrogen was absorbed, strength was not significantly

affected.

Duquette and Uhlig were 3ble to show complete protection of mi>•
84, i3

steels by cathodic polarization in both neutral and acid solutions

(Figs, 40 and 41). Significantly the critical potential for complete

prDtection from corrosion fatigue is identical to the calculated open

circuit potential of iron in equilibrium with ferrous ion in solutions

below the fatigue limit (Fig. 43). In low pH solutions (pH 2),

copious amounts of hydrogen are liberated with no apparent affect on

the gatigue limit. At stresses abcve the fatigue limit in these

solutions, however, cathodic polarization results in a marked increase

in fatigue life - an as yet unexplained result. Pelloux has also

shown that cathodic currents are effective in reducing crack propa-

gation rates in aluminum alloys even when cracks are of siqnificant
123

length

The possibility of ariodic protection against corrosion fatigue
171,172

was also investigated by sp~hn , who studied the fatigue
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behavior of a 0.48 percent C steel in an acetate buffered solution of
pH 4.6 under potentiostatic conditions. Although fatigue life of the

steel remained constant throughout most of the passive region of the

polarization curve (+200 to +900 mv versus S.C.E.), failure always

occurred. It should be noted that the current observed throughout 'he

passive region was relatively high, (3-4 ma/cm2 ). Sp~hn concluded that

this high passive current was the result of a non-protective passive

film due to the high proportion of pearlite in his specimens. The

fatigue life observed at this current agreed qualitatively with that

observed in the active rcgion of the polarization curve e.g. failure

occurred in the passive region in 5 x 105 cycles at a stress level

equal to 90 percent of the fatigue limit and in 4 x 105 cycles at an

active anodic current of 3 ma/cm2 at the same stress level.

The reappearance of a fatigue limit in solutions of pH 12 and

greater can probably also be attributed to the presence of a protective

passive layer which reduces corrosion to a rate below a certain
84,103

critical value

D, The mechanism of Agueous Corrosion Fatigue

Theories of corrosion fatigue have generally relied on one or more

of the following mechanisms: (1) stress concentration at the base of

hemispherical pits created by the corrosive medium, (2) electrochGtrical

attack at plastically deformed areas of metal with non-deformed metal

acting as cathode, (3) electrochemical attack at ruptures in an other-

wise protecti-,e surface film, and (4) lowering of surface enezgy of the
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metal due to environmental adsorption and increased propagation of

microcracks.
173,174

Early investigators of corrosion fatigue favored the stress-

concentration pit theory. Their conclusions were based on the physical

examination of failed specimens. Such examinations revealed a number

of very large cracks originating at large hemispherical pits at the
175

metal surface. Recently, Romanov favored this mechanism as the first

stage of failure.

Pit for-mation in metals and alloys in a;gressivs environments

undoubtedly does lead to a reduction izL fatigue life. However, it is

important to note that the corrosion fatigue phenomenon also occurs in

environments where pitting does not occur. For example, low carbon

sta•cs acre highly susceptible to corrosion fatigue in acid :-olutions,
184,168

where pits are not observed . Additionally, reduced fatigue

lives can be induced in steel specimens by the .plication of small

anodic currents in deaerated solutions where pits do not form.

Conversely, fatigue tests performed in 3 percent NaCl + NaOH solution

of pH 12 where only a few r&ndcmly distributed pits are observed show
34

fatigue limits identical with those observed in air . Results of this

kind are perhaps not unexpected since corrosion induced pits tend to be

hemispherical in nature and the stress intensity factor associated with
176

surface cLnnected hemispherical defects is not large



Further evidence that corrosion induced pitting cannot be

responsible for early crack initiation in corrosion fatigue was shown
103

by Duquette and Uhlig In a series of experiments aimed jpecifi-

cally at the initiation process, low carbon steels fatigued in neutral

3 percent NaCl solutions for small percentages of total fatigue life

were sectioned and examined metallographically. Although some hemi-

spherical pits were observed in the specimen surface, no cracking

could be attributed to their presence. Rather, accelerated corrosion

of initiated Stage I cracks was noted, with a deep "pit-like" con-

figuration being oriented at approximately 450 to the specimen surface

(Fig. 42). No fatigue cracks were observed emanating from these pits,

and an examination of specimens cycled for longer periods showed that

the extent of growth of initiated fatigue cracks was always equivalent

to "pit" depth, with no "normal" fatigue cracks associated with pits.

It may be concluded then, that in many cases, the pits observed at

failure by previous observers are not the cause of corrosion fatigue

cracking but rather the result.
177

w.hitwham and Evans studied the effect of preliminary air

fatigue on subsequent corrosion fatigue behavior in order to determine

the effect of prefarential dissolution of distorted metal on fatigue

life. Results indicated that preliminary dry fatigue had little or

no effect on corrosion fatigue life oi annealed and cold-drawn wires.

Transgranular cracks originating in slip bands at the steel surface

were the principal causes of failure, although a small percentage of
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intergranular cracks was also observed. From these observations, the

authors concluded that failure due to corrosion fatigue is caused by

distorted metal acting as anode with unidistorted metal acting as

cathode; very fine cracks then advance by a combination of electro-

chemical-mechanical action. They further suggested that this mechanist

acts only when the metal is being cyclically stressed and -hen the

atoms at the tip of the crack are very "hot"; the "hot" atoznm 'eing

electrochemically active to the surrounding "cooler" atoms. *,-n the

atoms are cool (static), they cease to be susceptible to attack. A

variation of this model (cyclic stress altering structure and causing
170

sensitivity to attack) was proposed by Lihl and by Glikman and
179

Suprun , wherein cyclic stresses cause breakdown in the homogeneity

of the metal structure. Lihl suggested that an undefined precipi-

tation within the grains destroys the "mosaic" structure, while

Glikman and Supr-un suggested that electrochemical heterogeneity arises

during the course of cyclic stressing creating conditions for

increased attack.

Surface film rupture as the principal cause of the corrosion
180

fatigue phenomenon of steels was proposed as early as 1933 by Laute

He proposed that a film of varying thickness forms, which is ruptured

by mechanical stress causing increased corrosive attack at the rupture.

Low frequencies allow repair of the film and very long life is noted.
92, 169

Evans and Simnad also suggested that film rupture might be

important in neutral solutions but that structural changes in the
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metal predominate in acid solutions. Ryabchenkov noted that the

electrode potential of a steel drops markedly in fatigue tests with a

higher rate of change being noted at higher stresses. This potential

drop continues throughout a particular alternating stress experiment,

but reaches a steady-state in static tests. This investigator attri-

buted the contintious lowering of electrode potential to opening of

microcracks and destruction of a protective film. Additionally, it was

noted that in a grooved steel specimen under alternating stress, the

bottom of the groove was anodic to the sides of the notch and to the

surface of the specimen.

Investigating the corrosion fatigue behavio" or under

cathodic polarization in neutral and alkaline solL iyavski and
182,183

Vedenkin concluded that the action of protecti•. _rrents is due

to a local change of electrolyte pH at the specimen sufficient to

generate a passive film, thus providing protection. on separating the

specimen (cathode) from a platinum anode with a connecting agar-agar

bridge, it was noted that the pH of the anolyte decreased and the pH of

the catholyte increased to 11, this increase being sufficient to protect

the specimen against further corrosion. From these results, it was

concluded that the protective action of cathodic currents was due not

to the suppression of a stressed-unstressed metal galvanic couple, but

that the observed change in the potential of tho stressed areas is a

consequence rather than a cause of cracks. These authors felt that

their results disproved the usual electrochemical theory of corrosion
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fatigue (i.e., the ek ctrochemical theory in this instance refers to

the stressed-unstressed metal galvanic couple theory).
104

Spthn attributed the shift of the potential in the active

direction to the appearance of slip bands on the surface in the early

stages of deformation, with localized corr'osion occurring as the subse-

quent step, a resultant notch causing stress concentration and final

failure. This apparent change in the electrochemical. behavior was also
160

noted by Simnad and Evans and was attributed to (1) a diminution of

polarization of both cathodic and anodic areas of the metal, the anodic

shift being more dominant, (2) a reduction in resistance of the

electrolyte path joining anode and cathode, or (3) a possible bodily

shift of the anode potential in the active direction (Fig. 4,3).

The effect of adsorbed species from a surrounding liquid environ-

ment on the mechanical properties of solids and its relevance to
185

fatigue behavior was discussed by Benedicks In 1948. Arguing that

the mechanical properties of steels (tensile strength fatigue strength,

etc.) could be reduced by wetting the surface with water or alcohol and

in-ýreased when wetted with other organic agents, this investigator

concluded that corrosion fatigue and other environment sensitive

mechanical characteristics (e.g., caustic embrittlement, season

cracking or soldering brittleness) can be explained by a wetting

effect. The liquid wetting the surface caused a dilatation of the

solid body due to a reduction of surface energy, and subsequent

doformation was thereby made easier, the effect increasing with
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increasing surface tension of the liquid.

This theory,based on reduction of surface energy affecting subse-

quent fatigue behavior,has received much attention from Russian
186-190

experimenters, notably G. Karpenko and P. Rebinder and co-
191

workers . Karpenko first suggested that the corrosion fatigue
186

mechanism consisted of the sum of two separate steps . The first

step is the appearance of fatigue cracks due to envirrnmental adsorption,

and the second step consists of a corrosion reaction within the

nucleated cracks. This mechanism was based on experiments performed

on mild steel specimens in distilled water with and without 1 percent

addition of saponine, a surface active agent. Cracks appeared in

specimens in .he saponine solutions but were markedly absent in
187

untreated distilled water. In another set of tests, Karpenko noted

in comparing two steel specimens, one in air and the other in distilled

water at a stress level slightly below the fatigue limit that cracks

were noted only in the specimen tested in water. All growing cracks

were normal to the specimen surface and were filled with corrosion

product. These results were interpreted in support of the Rebinder

effect whereby adsorption accounted for the multiplication of pre-

existing ultramicrocracks on deformation with subsequent growth

occurring by slectrochemical dissolution, Expjrimental evidence for
183,189

this mechanism is also cited in later publications by this investigator

which explain the beneficial effect of surface compressive stresses

as a suppression of the adsorption factor.
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190
In a later report on the mechanism of corrosion fatigue, Karpenko

attempted to correlate the effect of cathodic and anodic currents on

fatigue behavior. The reduction in fatigue strength of a 0.3 percent

C steel in an electrolytic bath was attributed to hydrogen adsorption

at cathodic areas, and it was concluded that failure under cyclic

stress in coirosive media could take place by one of three mechanisms:

(1) at high amplitudes, hydrogen embrittlement of cathodic areas

dominates, (2) at mode.-ate amplitudes the cot-bined adsorption-

electrochemical theory, due to corrosion at anodic areas, controls,

and (3) at low amplitudes, crack appearance and growth is due mainly

to an electrochemical corrosion mechanism (Fig. 44). Kaipenko claimed

that in case (3) the corrosion is favored by cyclic stresses which

lower the electrode potential in highly stressed areas and destroy

oxide films which would otherwise be protective. Thus, this mechanism

includes the theories of distorted metal activity and film rupture, as

well as the adsorption-electrochemical theory, the stress range

detcrmining the controlling mechanism.

It is likely that no one ntechanism completely governs the entire

corrosion fatigue process; however, the corrosion fatigue crac~k

initiation step appears to be much more specific.

For example, neither the pitting models, the preferential

dissolution models or the film rupture models of crack initiation can

apply for all metal-environment combinations. Thus their specificity

would imply that, although they may be relevant in some limited
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circumstances, a more general mechanism must operate. Of the

mechanisms cited, the Rebinder or reduction cf surface energy mecha-

nism by adsorption would appear to be the most attractive to e:rplain

the premature crack initiation process. However, even this model hao

some severe limitations. For example, it has been shown that steels

in neutral aqueous solutions do not suffer cor•cosion fatigue in

deaerated solutions, even when strongly adsnrbing ions such as Cl

are present. It has also been shown that definite, although small,
103

corrosion rates must be maintained to induce crack initiation

These results would appear to be inccnsistent with a surface adsorbate

theory unless onp. concludes that the role of the adsorb~te is to

assist in removing the outermest layer of surfa-:e atoms. This

mechanism has been suggested for metals being deformed in strongly

adsorbing soap solutions with metal-soap complexes being detected in
192

solutions

The, o::tre.nely sizll anodic current required to initiate fatigue

cracking below the fiatigue limit of steels (, 21iA/cm2 ) is equivalent

to ,n overall corrosion rate of 1 :: 10-4 layers o. atoms per stress

cy,(.e, obviously indicating that overall corrosion cannot be res.-on-

sible for corrosion fatigue crack initiation Ic is likely, however,

that selictive corrosion of siecific sites on the specimen surface

serves to re:,iove small anounts of anodic material. It is accordingly

)roposed that accelerated £aticrue crac-I initiation in corrosive en-

vironments is a result of this selective corrosion process occurring at
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newly created metal surface at the metal-environment interface (by the

elip step emergence or by an intrusion-extrusion mechanism). While it

is clear that the selective corrosion occurring at the freshly exposed

metal is not a thermodynamic process, it is likely that metal atoms

contained in slip bands would have a lower activation energy Zor

reaction with the environment; thus activation depolarization of anodic

sites would accelerate localized corrosion at emerging metal.

In the case of steels, where the normal fatigue process causes

--rack propagation only above a specific stress, it has been postulated

"that dcslocations are locked and further slip accordingly inhibited by

a Cottrell locking process below the fatigue limit. Accordingly, the

corrosive attack would effectively "unlock" otherw" ,e blocked slip thus

leadiag to crack initiation and ultimate failure. For example, it has

been shown that the joint application of cyclic stresses and corrosive

environment leads to extrusion-intrusion broadening in steels (Fig. 45).

For other metals, which dn not exhibit a definite fatigue limit, it has

been shown that the dislocation structure at the metal surface can be
193-196

quite different from that inside the metal . If this region is

viewed as an effectively work hardened region, due to dislocation inter-

action, localized cor rosion of emerging slip steps or extrusion would

effectively soften specific surface regions leading to accelerated

crack initiation. Thus, rather than a surface energy reduction leading

to increased slip and subsequent crack nucleation, the proposed

mechanism consists of metal removal from specific highly deformed



rcgicnI .-. `.he noto'l surface (Fig. 46).

'c. is s~gnilicant to note that a number of investigators have

s :-'...n that over wide ranges of corrosion rates fatigue life (and
34,103

presumably crack nucleation time) is independent of corrosion rate

For example, fatigue lives below the fatiguo limit of steels have been

observed to be constant over a range of applied anodic currents equiva-

lent to overall corrosion rates of 0.05 to 0.5 atom layer per second

and similarly constant in either air saturated or oxygen saturated

salt solutions where corrosion rates increase by a factor of 5

reL*pec tively. According to the proposed mechanism for crack initiation,

thes• corrosion rates would be sufficiently high so that they are

greater than the local rate reqaired to dissolve dislocation blocking

sites as they occur.

C onc I u- ions

On reviewing existing data on the phenomenon of both gaseous and

aqueous corrosion fatigue, it becomes apparent that little is actually

known of the quantitative mechanismns which govern either process. In

the gaseous case, surface energy reductions by adsorbing gaseous

species resulting in accelerated crack growth are at best speculavive

although such a model appears to be a reasonable qualitative exAlan-

ation for observed results. i Iore basic information in th6 form of

specific gas-metal atomic reactions must be Pvailab.e before a truly

quantitative understanding can be achieved.

For- aqueous environments, the scientific situation seems to be
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even less well defined than for gaseous environments. Few experimental

programs have been developed to study the basic aspects of either

corrosion fatigue crack initiation or propagation. Rather, sp-eculative

rmodels have been developed based on phenomenological observations of

cyclic stress/environment-failure relationships. Until the micro-

mechanical/electrochemical nature of metal surfaces under cyclic

stresses in corrosive environments is better understo d, corrosion

fatigue will remain somewhat of an enigma.
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Fig. 23 Slip offsets on the surfaces of cylindrical nickel-
base uperalloy single crystals tensile tested r 6
(a) air and in (b) vacuum (after Duquette and Gell ).



II

I1 4%t 
%f

*af 04,6

Fig. 24 Model to explain the effect of oxide layer on emerging
slip steps in air on the slip behavior ofnickel-basg8
superalloy single crystals (after Duquette and Gell- ).



Fig. 25 Fatigue fracture surfaces of single crystal nickel-base
superalloys in (a) air and in (b) vacuum at 1700OF
showing initiation sites (after Duquette and Ge11 6 8 ).
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Fig. 42 Surface of low carbon steel cyclically deformed in 3%
NaCI to 4% of total life showing crystallographic
pitting (after Duquette and Uhlig0).
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anodes and cathodes, (c) shift of open-circuit potential
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Fig. 46 Schematic diagrami uf model to explain accelerated slip
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