REPORT DOCUMENTATION PAGE | OMB No. 0704-0188

Public reporting burden for this collection of information is estimated to average 1 hour per response, including the time for reviewing instructions, searching data sources,

gathering and maintaining the data needed, and completing and reviewing the collection of information. Send commants regarding this burden estimate or any other aspect of this collection
of information, including suggestions for reducing this burden to Washington Headquarters Service, Directorate for Information Operations and Reports

1215 Jefferson Davis Highway, Suite 1204, Arlington, VA 22202-4302, and to the Office of Management and Budget,

Paperwork Reduction Project (0704-0188) Washington, DC 20503

PLEASE DO NOT RETURN YOUR FORM TO THE ABOVE ADDRESS.

1. REPORT DATE (DD-MM-YYYY) 2. REPORT TYPE 3. DATES COVERED (From —-To)
Final Technical Report 3 January 2003 — 31 December 2006
4. TITLE AND SUBTITLE 5a. CONTRACT NUMBER

Modeling the Deformation of Engineered Nano-Layered Structures by
Computer Simulations

5b. GRANT NUMBER

F49620-03-1-0031
5c. PROGRAM ELEMENT NUMBER

6. AUTHOR(S) 5d. PROJECT NUMBER
Dr. Nasr M. Ghoniem

S5e. TASK NUMBER

5f. WORK UNIT NUMBER

7. PERFORMING ORGANIZATION NAME(S) AND ADDRESS(ES) 8. PERFORMING ORGANIZATION
Mechanical & Aerospace Engineering Department REPORT NUMBER

HS School of Engineering & Applied Science
University of California, Los Angeles (UCLA)
Los Angeles CA 90095-1597

9. SPONSORING/MONITORING AGENCY NAME(S) AND ADDRE 10. SPONSOR/MONITOR'S ACRONYM(S)
SS(ES) AFOSR

USAF/AFRL

AFOSR

11. SPONSORING/MONITORING
AG™*'7"V BPEPORT NUMBER
N

875 Nofth Randolph Street
Arlington VA 22203

12. DISTRIBUTION AVAILABILITY STATEMENT AFRL-SR-AR TR-07
“AR=1R-07-0234

Distribution Statement A: Approved for public release, distribution unlimited

13. SUPPLEMENTARY NOTES

14. ABSTRACT

We developed here fundamental models of plasticity, based on dislocation dynamics and atomistic computer simulation
methods for the prediction of the strength and plastic deformation at the nano-to-micro-length scales. The models are
applied to the simulation of plastic flow in ultra-strong nano-laminates. The developed methods are: (1) An ab-initio
based hybrid approach based on an extension of the parametric dislocation dynamics (DD) to bi-materials where the
dislocataion spreading over the interface is explicitly accounted; (2) a hybrid ab initio-discrete dislocation dynamics model
to study the core structure in straight and curved dislocations, with application to single layers and across material
interfaces; (3) Molecular dynamics (MD) modeling of dislocation motion and deformation in nano-layered composite
materials and twins; and (4) Dislocation Dynamics (DD) modeling of dislocation motion and deformation modes of
anisotropic, nano-layered composite materials.

15. SUBJECT TERMS

16. SECURITY CLASSIFICATION OF: 17. LIMITATION OF [18. NUMBER 19a. NAME OF RESPONSIBLE PERSON
ABSTRACT OF PAGES

a. REPORT b. ABSTRACT |ec.THISPAGE [ Unclassified 15 19b. TELEPONE NUMBER (Include area code)

Unclassified | Unclassified | Unclassified (703)

ota ev. o-
Prescribed by ANSI-Std Z39-18



FINAL PROJECT REPORT

MODELING THE DEFORMATION OF ENGINEERED NANO-LAYERED
STRUCTURES BY COMPUTER SIMULATIONS
AFOSR AWARD NUMBER F49620-03-1-0031-P00001

Nasr M. Ghoniem, Principal Investigator
Mechanical & Aerospace Engineering Department
HS School of Engineering & Applied Science
University of California, Los Angeles (UCLA)
Los Angeles, CA. 90095-1597

Nick Kioussis, Co-Principal Investigator
W. M. Keck Computational Materials Theory Center
Physics Department
California State University Northridge (CSUN)
Northridge, CA 91330-8268

1. Abstract

We developed here fundamental models of plasticity, based on dislocation dynamics and
atomistic computer simulation methods for the prediction of the strength and plastic deformation
at the nano-to-micro-length scales. The models are applied to the simulation of plastic flow in
ultra-strong nano-laminates. The developed methods are: (1) An ab-initio based hybrid approach
based on an extension of the parametric dislocation dynamics (DD) to bi-materials where the
dislocation spreading over the interface is explicitly accounted; (2) a hybrid ab initio-discrete
dislocation dynamics model to study the core structure in straight and curved dislocations, with
applications to single layers and across material interfaces; (3) Molecular dynamics (MD)
modeling of dislocation motion and deformation in nano-layered composite materials and twins;
and (4) Dislocation Dynamics (DD) modeling of dislocation motion and deformation modes of
anisotropic, nano-layered composite materials. Both coherent and incoherent interfaces have
been considered and the lattice resistance of dislocation motion was estimated through the ab
initio-determined generalized stacking fault energy surface (GSFS). The effects of mismatch in
the elastic properties, GSFS, and lattice parameters on the spreading of the dislocation onto the
interface and the transmission across the interface have been studied in detail. We find that the
competition of dislocation spreading and transmission depends on the characteristics of the
GSFS of the interface, and that the strength of can be greatly enhanced by the spreading of the
glide dislocation, or by the pre-existence of misfit dislocations. It is shown that interfacial image
forces control the plastic deformation and maximum strength of nano-layered materials. The
strength of a thin film of alternating nano-layers increases with decreasing layer thickness, up to
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a maximum determined by the Koehler barrier strength, which results from variation in the
Peach-Kohler force across the interface. For alternating Cu/Ni, the maximum strength is
estimated to be ~ 1 GPa for a Cu layer thickness of ~ 10 nm, in agreement with experiments.
Simulations of the interaction between and edge dislocation and Cu/Ni interface, utilizing the
EAM potential, indicate that the dislocation core structure is a strong function of the nano-layer
thickness, for laminate periods of less than 20 nm. Results of the atomistic simulations are used
in conjunction with DD simulations to establish the deformation modes of nano-layered thin
films.

2. Research Objectives

Large-scale computer simulations may provide an additional investigative tool to augment,
interpret and plan experimental techniques for mechanical properties at this length scale. The
main objective of this proposal is to develop new computational methods for the design of ultra-
strong and ductile nano-scale multi-layered material systems. We propose to develop a rigorous
methodology for simulating the dynamics of single and collective dislocations for the analysis of
plastic flow in multi-layered nano-composites. Dislocation Dynamics (DD) will be used as the
main modeling tool. However, the critical parameters required for DD simulations (e.g. Peierls
stress, interface resistance and dislocation mobility) are determined by ab-initio and classical
MD computer simulations. We have the following goals in the present research:
1. Determine the nature of strength and plastic deformation in nano-scale composites
subject to complex stress states.
2. Develop the knowledge base for management of plastic slip in nanolayered composites.
3. Develop large-scale computer simulation tools for engineering nanolayered structures.
Specific applications to material systems are linked to on-going experimental research.
4. Provide an understanding for the relationships between processing methods and strength.

3. Research Achievements

One of the recent challenges in the race to find new materials for demanding structural and
functional applications is the development of ultra-strong, yet ductile material systems. The
mechanical behavior of these two types of structures can be vastly different as a result of the
particular geometry and structural constraints. Currently, however, the most widely used options
for such experimental evaluation have been mainly limited to pointed indenters, scratch-type
tests and bulge tests. To interpret these specialized mechanical tests, and to extrapolate to bulk
properties for future structural applications, advanced computer modeling and simulations are
required. Thus, computer simulation of material behavior has become an indispensable tool, and
is now playing an increasingly significant role to complement traditional theoretical and
experimental research.



Recent experimental research on the deformation behavior of multi-layer nano-crystal
composites shows that very high strength and ductility can indeed be obtained, when plastic
deformation is restricted to flow in confined small volumes. New material processing methods,
such as wire drawing, sputtering or evaporation, have shown that nano-layered structures can be
manufactured to be ultra-strong. The flow stress in nano-layered structures can approach to
within 1/3 of the theoretical shear strength of order p/30, where p is the shear modulus. In
principle, plastic flow can be confined to small volumes by controlling the strength and spacing
of engineered dislocation obstacles at the nano-scale. However, in practice such confinement is
also conducive to plastic flow localization as an easier channel for energy dissipation in the
material, rather than storage in elastic and quasi-elastic (i.e. just bowing-out of dislocations)
material configurations. It is therefore logical to consider approaches for control and
management of plastic flow, as a means of optimizing the required high strength without the
spontaneous emergence of possible failure modes. In this research, we address the question of
how to control and manage dislocation motion in small volumes with the intent of designing
ultra-strong and ductile material systems.

3.1 Dislocation Dynamics in Layered Materials

A variational form of the governing equation of motion for a dislocation loop has been
developed for over-damped dislocation dynamics, where the work exerted on dislocation loop
expansion is balanced by viscous dissipation [1]. Because the present formulation results in a
line integral form of the force vector distribution, it can be readily incorporated into the PDD
framework [1]. In this section, we present computer simulation results for dislocation motion in
nano-layered materials using the PDD methodology.

Experimental results and isotropic elasticity estimates show that the dominant mechanism that
controls the strength and hardness of multi-layer thin films is the influence of the dislocation
image force associated with a mismatch in elastic properties between adjacent film layers [2].
For layered materials with a large mismatch in elastic properties, a significant hardness
enhancement was observed. On the other hand, for layered materials with small differences in
their elastic properties, no measurable hardness enhancement was detected [2]. Two models are
often used to explain the observed behavior of hardness (or flow stress) in thin films. In the
threading dislocation model [3, 4], the flow stress is determined by the energy balance between
the threading glide dislocation segment and the misfit dislocation left behind at the interface.
This model results in a flow stress that scales approximately with the inverse of the film/layer
thickness. In this model, interfaces are introduced as impenetrable planes for dislocations. The
second model is an extension of the well-known Hall-Petch effect. Here, dislocations are
assumed to form a pile-up at a boundary until a critical stress is reached. This results in a flow
stress, which is inversely proportional to the square root of the layer thickness or grain size. Both



models qualitatively explain the increase in the flow stress with decreasing film/layer thickness,
but not the behavior as the layer thickness decreases below tens of nano-meters.

Consider a Cu thin layer (thickness h), sandwiched between two semi-infinite harder Ni
substrates. The dislocation is originally located within the thin layer. Cu and Ni are both fcc
crystals with [001] out-of-plane orientations and <110>{111} slip systems, and anisotropic
elastic constants. In Cu, |b|=0.361 nm, and the dislocation mobility is taken to be isotropic. The
system is subjected to a uniform applied biaxial stress. We will ignore here the stress due to
lattice mismatch. We only consider the image force effect due to the modulus difference at the
Cu-Ni interface. The value of image force increases as the dislocation segment approaches the
interface, and is singular exactly at the interface. We assume also here that dislocations do not
dissociate into partials, and take the cut-off radius to be ro~ b. Detailed atomistic simulations are
required to ascertain the value of the cut-off distance. In the following simulations, we assume
that there is one Frank-Read (F-R) source inside one of the layers, and that the source dislocation
is initially straight and pinned from both ends.

Confined Layer Slip (CLS)

Figure (1) shows the propagation mode of a source
dislocation in a Cu layer of thickness 144 nm at different
loading levels. We choose the length L of the original
dislocation to be longer than the layer thickness, h, i.e. L=4h.
Under a small applied stress below a critical value
(approximately estimated by Freund's formula, the dislocation
will bow out in the Cu layer towards the interface. As a result
of the image force exerted by the harder Ni layer, the
dislocation is repelled away from the interface and reaches an
equilibrium configuration. If the applied stress is larger than
the critical value, the dislocation first bows out towards the
interface, then it is blocked by the image force and is
confined to propagate within the layer.

Loss of Slip Confinement

As individual layers become very thin (i.e. in the tens of
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nanometers), only single dislocations can propagate and Figure (1): Dislocation motion
expand upon the application of an externally applied stress. | 4. layer with h=144 nm u
However, because the layer thickness is very small, the different
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in these regions are very substantial. The externally applied stress would have to overcome such

large self-forces if these curved
segments are to expand. The applied
P-K force on those segments that are
parallel to the interface does not have
to overcome self-forces because the
curvature of these segments is small.
Rather, the image force from
neighboring and other interfaces would
have to be overcome by the applied P-
K force. Since we regularized the
solution by selecting a cut-off radius of
one Burgers vector on either side of the
interface, the dislocation will be
repelled with a maximum image force
on one side of the interface, and then
attracted with a different maximum
force once it crosses the interface. If

the applied stress is high enough that the
maximum P-K force on the straight

Ni hallspace

L

Figure (2): Loss of dislocation confinement at high
applied stresses in nano-layered materials.

dislocation segments close to the interface overcomes both repulsive and attractive forces, the
dislocation will cross from one layer to the neighboring one, and CLS is finally lost, as shown in

Figure (2).
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materials.

Figure (3): Deformation map for nano-layered

Figure (3) shows results of our
calculations for the maximum
strength of a copper layer in a thin
film of alternating Cu/Ni layers
based on the activation of a single
F-R source, as a function of the
layer period. Experimental results
for nano-indentation by Misra et al.
[5] and Clemens et al. [1] are also
shown. Since Freund's formula [3]
is often used to estimate the strength
of thin films, film strength using this
formula is also shown as a solid line
on the same figure for comparison.
For layers of thickness less than
approximately 100 nm, a single F-R




source will determine the overall strength of the layer as a competition between confinement in
the layer by image forces generated by elastic modulus mismatch, and resistance to deformation
by self-forces on the curved ends of the dislocation loop. If the modulus mismatch is not too
great, dislocation loops will cross from layer to layer rather than be confined within a layer. One
would expect that the maximum strength be determined by the layer thickness and the ratio of
elastic modulii as well. For thicker layers, F-R sources can operate many times leading to
dislocation multiplication and the formation of a pile-up. In such case, the dominant deformation
mode is the Hall-Petch mechanism.

Conclusions

The following conclusions are drawn from the present work:
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The influence of free surfaces or interfaces on dislocation motion through image forces
extends into the material to several hundred-lattice constants.

In thin anisotropic films containing many layers of small thickness, interaction between
several interfaces contributes to the image force on dislocations. No simple geometric
image construction can be found to yield accurate magnitude and direction of interface
image forces.

In thin Al films on Cu substrates, it is shown that a small layer of aluminum oxide can
reverse the surface image force from attractive to repulsive. If the oxide film thickness is
greater than the film thickness itself, its image force can be approximated by the semi-
infinite half-space results.

Plastic deformation of very thin layers in the tens of nm thickness range is controlled by a
competition between the resistance of curved segments due to high self-forces, and the
maximum force to transmit nearly straight segments across the interface (i.e. the Kohler
barrier). If the layer is too thin, this results in high curvatures and resistance to CLS.
Depending on the ratio of the elastic modulii of adjacent layers, dislocations may find an
easier path to move into adjacent layers, and thus CLS is lost. On the other hand, if the
ratio of elastic modulii between adjacent layers is sufficiently high and the layer
thickness is sufficiently large, dislocations are confined within one layer.

Strength calculations from the present model show reasonable agreement with
experimental nano-indentation data on Cu/Ni nano-layered materials. Strength saturation
below layer thicknesses of ~ 20 nm is a result of the near independence of the Koehler
barrier strength on layer thickness.

Four general deformation mechanisms are identified for layered thin films: quasi-elastic,
plastic instability, Confined Layer Slip, and the Hall-Petch regime, consistent with recent
literature.



3.2.Hybrid Ab Initio-DD Model for Dislocation Core
The GSFS (y-surface) can be interpreted as the two-dimensional energy profile when the two
crystal halves above and below the glide plane are shifted rigidly against each other by a constant
fault vector, u, and the atoms are allowed to relax perpendicular to the glide plane. For a fault
vector u there is an interfacial restoring stressF,(u) = =V(y(u)), which has the same formal

interpretation as the restoring stress in the Peierls-Nabarro (PN) model. The electronic structure
calculations of the GSFS were done using the projector augmented-wave (PAW) method as
implemented in the VASP code. The ab initio-determined GSFS projected along the [121]

direction for the pure Cu and Ni and along the [001] direction for the Cu/Ni interface are shown
in Figure 4. The first energy maximum encountered along the[121] direction for the Cu and Ni is

the unstable stacking fault energy (yuns) Which represents the lowest energy barrier to nucleate a
dislocation from a crack tip The first energy maximum encountered along the [121] direction for
the Cu and Ni is the unstable stacking fault energy which represents the lowest energy barrier to
nucleate a dislocation from a crack tip at 0 K. The local minimum on the other hand, corresponds
to the intrinsic stacking fault energies (Yinuin). The calculated values of yu,s are 225 mJ/m? and
350 mJ/m’ for Cu and Ni, respectively, while the values of Yiin for Cu and Ni are 53 mJ/m’ and
163 mJ/m’, respectively. As expected, the GSFS of the interface is symmetric along the [110]
direction and it has unstable stacking fault energy of 730 mJ/m?, which is much higher than the
corresponding value of Ni and Cu. The absence of a saddle point in the GSFS of the interfaces
suggests that the full dislocation on the interface does not dissociate.

The PN model has been

modified to investigate the s i ok o o 12 e
strengthening mechanisms
in slipping and rigid Cu/Ni 6 o 120
bimaterial. The effects of N srieee
the mismatch in the elastic 1.5 11s
properties, the mismatch in £
the GSFS, the mismatch in e {10
the lattice parameters and
the existence of misfit 0.5 {os
dislocations are explicitly
taken into account. For 0.0 . : " . 0.0

. . . 0.0 0.2 0.4 06 os 1.0
slipping interface, part of -
the dislocation content can
be accommodated by the Figure 4 Ab initio stacking fault energies for Ni and
interface through dislocation Cu along the [112] direction and for the interface C€OT¢
spreading. Any dislocation along [100] direction. “ that

moves from the glide plane to the
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interface is divided into two identical fractional dislocations, symmetrically placed with respect
to the slip plane. In particular, the mismatch in lattice constant between Cu and Ni is
accommodated by the fractional residual slip on the interface. The continuity of the Burgers
vector requires that:

b, =np,dbg, +n,db,, +2n,,db,,, (1)
where N =n., +n,, +n,,, ncy, NNi, Ny are the number of fractional dislocations in Cu, Ni, and
% . b('u bM b(‘ld
interface, respectively, and db,, = —, db,, =—-,and db,,, = ;
N N 2N

For the Cu/Ni bimaterial problem, the equilibrium condition of a fractional dislocation i depends
on whether the fractional dislocation is in Cu, Ni or on the interface. The total force on a
fractional screw dislocation 7 is the sum of the stress exerted on the fractional dislocation from
other fractional dislocations located in Cu, on the interface, and in Ni, respectively, the lattice
restoring force derived from the GSFS, and the coherency stress. The large increase in the
mechanical strength of nano-layered materials is widely attributed to the presence of interfaces.
Several factors can affect the mechanical and physical properties of the interface such as: the
unstable stacking fault energy of the interface, yin, which is a measure of the propensity of
interfacial sliding and which is directly
related to the electron charge bonding
across the interface, the presence of misfit
dislocations, and the presence of impurities.
The smaller vy, is, the easier is for the
interface to slide, thus allowing the
dislocation to spread onto the interface.

ot

L
' ulel
% s
0% 1a} 10% )
’ 1

Figure 5 shows the equilibrium edge and
screw displacement and the corresponding
Burgers vector density p(x) of the
dislocation for three values of applied
stress. The edge and screw Burgers vector
density are defined by p_(x)=du_/dx,and

p,(x)=du/dx. The screw dislocation,

= i ¥ et T = originally placed in the soft material (x>0)
is pushed towards the Cu/Ni interface. For
2o relatively low values of applied stress
R o - (around 2.0 GPa), the dislocation core in Cu
3 fe & dissociates into two partials bounding a
os . - N stacking fault with a separation distance of
u% _ _about 7b (figure 5a). As the external stress
_ oo by L T T AT S A _‘._-
8 .'1.- (S v =
L nA‘O o o 10 20 o 40

posionib)

Figure 5: the displacement u(x) and density p(x) profiles for
the dislocation as it moves from cu towards Ni. The GSFS of
the interafce is equal to the ab initio value.



increases, the dislocation approaches the interface but remains dissociated. However; the
dislocation core structure has changed significantly. First, the dislocation Burgers vector density
accumulates on the leading partial at the expense of the trailing partial (figure 5 b,c). Second, the
dislocation core constricts steadily and the two partials become significantly overlapped (figure
5¢). Note, that the maximum value of the screw component of the displacement in Cu is 2.35 A,
while the Burgers vector of Cu is 2.6 A. This reduction of Burgers vector is a result of the
energetically favorable spreading of the core onto the interface. Our results suggest that the
dislocation spreading process proceeds via the following mechanism: When the leading
fractional dislocation reaches the vicinity of the interface it spreads on it, if it is energetically
favorable. As the external stress is increased, the trailing fractional dislocations follow and
spread onto the interface. The spreading process continues until the interface can no longer
accommodate additional slip. At the critical value of the applied stress, once the leading
dislocation on the glide plane overcomes the interfacial barrier and is transmitted to the Ni
crystal, the remaining fractional dislocations follow.

In figure 6 we show the time evolution of the displacement u(x) and the Burgers vector density
profiles p (x) and p_(x) of the dislocation when the applied stress has reached its critical value

of 3.35 GPa. At the initial stage of the dislocation transmission process, most of the fractional
dislocations are localized in the vicinity of

030 the interface in the Cu host (figure 6a).
025 —1=2ns
-=-1=3 i i "
2 Efg it As the fractional dislocations relax. they get
= 010 transmitted through the interface towards the
005 Ni host till all of them pass. Note that after
0.00 the dislocation gets transmitted, the density
005 : .
AL profile shows the formation of two partials
~ 000 — T with a separation distance of about 6b (figure
. \j[ 6¢). The peak in the density profile at x=0
indicates the formation of a ledge on the
Fi0 B : : :
% g A6 & & 2B 36 & sg interface, in agreement wlt_h MD samula‘tmns_
oo g for edge or mixed dislocations for the Cu/Ni
interface.

Figure 6 The dynamic evolution of the dislocation during the
transmission process. The critical stress for penetration is 3.35
GPa and as the simulation time passes, the dislocation
penetrates to Ni.

Interfaces can be coherent, semi-coherent or fully non-coherent. In the case of fully non-coherent
structures, dislocation motion is restricted to individual layers, i.e. the interface acts as a
dislocation sink. For a semi-coherent interface as in the case of Cu/Ni, the dislocation
transmission across the interface is possible depending on the stacking fault energy of the
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interface. In order to explore the effect of interfacial sliding on the critical stress required for
dislocation transmission, we have varied the value of yi, with respect to its ab initio value y“h.m
=730 mJ/m’. The spreading of fractional dislocations on the interface imposes an extra energy
barrier on the transmission of the glide dislocations. The extra barrier is due to the repulsive
elastic interactions between the glide and interfacial fractional dislocations and the formation of
the interfacial ledge which hinders the transmission process from Cu to Ni. Consequently, the
critical value of applied stress for dislocation transmission increases (decreases) to the value of
4.2 GPa (3.2 GPa) as the interfacial GSFS decreases (increases) compared to its corresponding
ab initio value. Ledge formation is partially due to the accommodation of the misfit in the
Burgers vector between Cu and Ni which is about 0.10 A. The variation of the critical shear
stress with the GSFS of the interface is shown in Figure 5 above. A rigid interface does not
accommodate core spreading and therefore it is not affected by the change in interfacial GSFS.
The removal of the edge component leads to a significant increase in the transmission stress for
the slipping interface case and minor increase for the rigid interface case.

12
] slipp;i-ng_(wiih -edge)
fol. - : z:ri’g::ﬁin: ﬁegdeg)e) Figure 7. The variation of the critical shear
0 (] o TG0l s60e) stress with the GSFS of the interface.
gl (98%2%) =+ ) Rigid interface does not accommodate
® core spreading and therefore it is not
5 | (55%.45%)0 . | affected by the change in interfacial GSFS.
The removal of the edge component leads
sl an T . | to a significant increase in the
s ¥ % % = @ “3’%? . o | transmission  stress for the slipping
sl e S (§g%_§o%, (10%.90%), interface case and minor increase for the
rigid interface case.
0 T T T T T
0.4 06 08 10 12 14 16
"-mi?mml

3.3 Nonsingular Descriptions of Dislocation Core: A Hybrid Atomistic-Continuum
Approach

We have developed a hybrid approach for the core structure of straight and curved

dislocations that links the parametric dislocation dynamics method with ab initio calculations.
The hybrid approach is an extension of Peierls-Nabarro (PN) model that takes into account all

10



three components of atomic displacements of the dislocation and utilizes the entire generalized
stacking fault energy surface (GSFS) to capture the essential features of dislocation core
structure. The method combines the commonly used dislocation dynamics (DD) approach for
direct interaction and motion of dislocations with the atomic calculations for the lattice restoring
forces. These forces are extracted from the GSFS calculated from first-principles density
functional theory (DFT). We have investigated the presence and absence of planar dissociation
are investigated for two FCC lattices, aluminum (Al) and silver (Ag). For straight dislocations,
the results from the proposed model are shown to be in excellent agreement with the existing
literature for both Al and Ag. For dislocation loops, the core structure is obtained based on
simplified assumptions. In contrast to the undissociated dislocation loops in Al, it is found that
the core width and the partial separation typically vary along the angular direction measured with
respect to the Burgers vector direction in Ag. The method is computationally inexpensive and
can be easily implemented to solve an important class of problems with minimum commitment
to atomic details as discussed.

Dislocations play a central role in understanding many key phenomena in materials science and
engineering. The traditional description of elastic field and energies of dislocations is based on
continuum theory of linear elasticity that suffers from long-standing problem of singularities at
the dislocation center. Singular solutions are often circumvented by introducing an artificial
core-cutoff radius. This limits the applicability of the theory to describe situations where it is
important to know the strained state and nanoscopic details within a few atomic spacing
surrounding the dislocation center, known as the dislocation core. There has been a great deal of
interest in describing accurately the dislocation core structure on an atomic scale and providing a
non-singular treatments because of its important role in many phenomena of crystal plasticity.

Computational methods based on direct atomistic simulations using either empirical interatomic
potentials or ab initio calculations have been used to understand the core properties [15,16].
Empirical potentials involve the fitting of parameters to a predetermined database and hence may
not be reliable in predicting the core properties of dislocations, where severe distortions like
bond breaking, bond formation and switching necessitate a quantum mechanical description of
the electronic degrees of freedom. Ab initio total energy calculations, though considerably more
accurate, extended systems, such as dislocation cores, are far too large to be directly studied in
this way due to computational limitation. On the other hand, continuum methods based on the
PN framework have been subject of various studies due to their simple and easily tractable
hybrid nature, which essentially establishes a connection between atomic and continuum length
scales and offers an attractive alternative to the large-scale atomic simulations.

Computational methods based on continuum models to treat dislocation loops of arbitrary shape
are rather sparse. A variational boundary integral method has been used for the analysis of three-
dimensional cracks with arbitrary geometry by representing them as continuous distributions of
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dislocation loops. The PN model enters into this approach by refining the sinusoidal restoring
stress law to study the homogeneous nucleation of dislocations from crack tips, and the slip
distribution is obtained by minimizing the total energy. As a result, the model have not been used
for the crystals those are highly dissociative in nature.

We have developed a simpler and more pragmatic approach based on direct interaction and
motion of dislocations, known as dislocation dynamics. Developed over the past two decades,
DD is a direct approach that attempts to simulate the aggregate behavior of large dislocation
ensembles and holds considerable promise for uncovering the microscopic origins of crystal
strength. In the model presented in this work, we have utilized this powerful tool to obtain the
core structure of the original dislocation which is represented by arrays of Volterra dislocations
of infinitesimally small Burgers vector. The core structure is determined by seeking equilibrium
configuration of these fractional dislocations via force balance. In general, for a dislocation of
3D geometric shape these forces are of four types: (1) applied external forces (2) long-range
interaction forces with other dislocations (3) self-forces as a result of curvatures on defect
surfaces, and (4) lattice restoring forces that control separation or sliding across the glide plane,
and are determined from the y surface. The major advantage of the proposed model is that the
interaction force terms for Volterra dislocations are readily available for a number of classic
problems, e.g., dislocation transmission across interfaces, dislocation interaction with a
precipitate, dislocation cross slip, etc.

In Fig. 8, we compare the dislocation density for screw and 30° dislocations. Noticeably, a full
screw dislocation tends to dissociate in two 60° partials. The partial separation distance we
obtained from the model calculation is in an excellent agreement with the TEM measurement
and SVM calculations reported earlier for that in Ag, which is about 20°. Obviously, the lack of
a clear dissociation in Al results from the fact that the intrinsic stacking fault energy in Al is
much higher than that in Ag.

The dissociative nature of a dislocation loop in Ag is studied with the goal to approximately
understand the nature of the partial separation. A uniform shear stress is applied along the [101]
direction (chosen as the x-direction) and the equilibrium configuration of the loop arrays is
obtained. The magnitude of the applied stress is 525 MPa and the equilibrium configuration of
the fractional dislocation loops is obtained. From the equilibrium configuration, the slip
displacement, u, can be constructed in a trivial manner as discussed earlier. The density of the
slip displacement component u, along the radial direction can now be plotted as shown in Fig.
6(b). A clear separation between the two groups of partials is obtained in case of Ag. Noticeably,
the structure of the edge component of the core, which is along the partial Burgers vector
direction for each group, is wider than the screw component.
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Figure 8 Dislocation density for (a) an edge dislocation and (b) a 60° dislocation obtained from
the two models. The DFT y surface is used in both cases.

Figure 9 (a) The 3D representation of the core structure as a function of the slip displacement, u,, obtained from the
equilibrium configuration of the loop arrays under an applied shear stress level of 525 MPa (b) Dislocation density
obtained from the equilibrium configuration.
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