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Preface

The series of workshop-style on molecular beam epitaxy
(MBE GPT standing for molecular beam epitaxy-growth
physics and technology) was initiated in 1994 in Warsaw
by Professor Marian Herman, at that time of the Institute
of Vacuum Technology. The second and the third Work-
shops from this series were held in 1996 and 1999 also
in Warsaw. The selected papers presented during these
three meetings were published in Thin Solid Films (in
volumes 267 [1-2], 306 [2] and 367 [1-2], respective-
ly). It was during the last Workshop in 1999 that a deci-
sion was made to broaden a topical scope of the
meetings by including the second of the fundamental
methods of fabrication low dimensional semiconductors
structures and thin films of other materials, namely the
metalorganic vapour phase epitaxy. The motivation for
such decision was obvious: it allowed critical compari-
son of results rendered by both MBE and VPE/CVD,
which are to a certain degree competing, methods. Addi-
tionally, it was to let specialists in MBE learn secrets of
the trade from MOCVD experts and vice versa. This
latter rationale proved to be indeed a good idea, during
the most recent, ‘Fourth Workshop on MBE and VPE
Growth, Physics, Technology’ as it is named now.

As on previous occasions there were several Warsaw
institutions that participated in the organisation of the
event: the Institute of Physics of the Polish Academy of
Sciences through the Centre of Excellence CELDIS
established in it by the EU within the 5th Framework
Programme; the Institute of Electron Technology; the
Department of Experimental Physics of Warsaw Univer-
sity and the High Pressure Research Centre of the Polish
Academy of Sciences. The Workshop was held on the
Institute of Physics premises in the week of 24—28 Sep-
tember 2001. The programme was put together by rep-
resentatives of all organising institutions, and more
specifically by Professor Jacek Baranowski, Professor
Maciej Bugajski, Professor Sylwester Porowski, Profes-
sor Marian Herman (who, unfortunately, was appointed
to a post abroad and could not, therefore, be as active
as usual in the organisation of the Workshop) and myself

acting also as the Chairman of the Organising
Committee.

As mentioned, the Centre of Excellence CELDIS in
the Institute of Physics of the Polish Academy of Sci-
ences was the principal financial contributor, however,
contributions from the State Committee for Scientific
Research, Poland, Committee of Physics of the Polish
Academy of Sciences, Army Research Laboratory—Eur-
opean Research Office, London, and from the industry—
Applied EPI and COMEF (representatives of CAMECA,
RIBER S.A. and SPECTRAVISION for Poland) are
greatly appreciated.

The attendance included representatives from 10
countries, including speakers from Japan, the US, many
European countries and, of course, from Poland. Unfor-
tunately, the tragic events of September 11th affected our
meeting: several institutions have imposed strict travel
rules which prevented some of the invited speakers
either to fully participate in the Workshop or forced them
to resign from coming altogether. My own impression,
judging from the correspondence I have carried out
immediately before the meeting, is that the same reason
reduced the total number of participants. Conspicuous
was also smaller attendance of participants from Russia.

The program consisted of invited talks and contributed
presentations on both novel aspects of the techniques
central to the topic but also devoted to characterisation
of the samples of various materials, mostly semiconduc-
tors but including also metallic layers. Apart from purely
scientific sessions a presentation of new equipment by
the representative of (then) Applied EPI was organised.
Representatives of COMEF were also present and had
some information concerning products they distribute
available. Of course, the proceedings contain only
records of scientific presentations. Those appearing here
were accepted after a usual peer review procedure. Of
the total 30 presentations, these proceedings contain 19
papers. No extended abstracts were accepted for publi-

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.

PII: S0040-6090(02)00325-5




2 Preface

cation (they were available to the participants in a work- for publication. Of course, most of the responsi-
shop booklet). The papers accepted include all types of bility in this respect is with the Guest Editor.
presentations, invited talks and contributed talks. I would
like to thank at this point all of the anonymous Warsaw, December 12th 2001.
referees who have carefully and critically read all
submitted manuscripts and selected those suitable Jacek Kossut
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Hybrid epitaxial structures for spintronics
J. De Boeck*, W. Van Roy, V. Motsnyi, Z. Liu, K. Dessein, G. Borghs
IMEC, Kapeldreef 75, B-3001 Leuven, Belgium
Abstract

The use of electron spin in future spintronic applications requires hybrid ferromagnetic/semiconductor structures with well
controlled materials properties. Besides the control of the magnetic properties there are strict requirements for the material aspects
of these devices: single phase, single crystal, perfect interfaces, defect control. Molecular beam epitaxy (MBE) has been used
very successfully over the past 10 years to produce the most interesting spintronic heterostructures. In this paper we review our
effort in using MBE to fabricate spintronic materials and heterostructures. We also discuss some aspects of future spintronic
devices with the focus on the material aspects of transferring the electron spin information from the magnetic side of the
heterostructure into the semiconductor side. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Molecular beam epitaxy; Spintronic materials; Magnetic semiconductors; Spin-injection

1. Introduction

Molecular beam epitaxy (MBE) has proven its
strengths in many fields of research and development
on (opto-)electronics over the past decades. Spintronics,
the field of electronics where the use of the electron
spin in semiconductor components is envisaged, is no
exception. In order to fabricate devices that intend to
combine magnetic and semiconductor properties in very
intimate way, the physical combination of the materials
is required. One important requirement for spintronic
components is the injection of electron spin polarized
current into a semiconductor heterostructure, a process
mostly referred to as spin-injection. This spin-injection
process can be achieved by realizing a magnetic contact
on a semiconductor or by the incorporation of some sort
of spin-filter. This paper aims to illustrate the strength
of MBE in realizing materials combinations that can
lead to efficient spin-injection. It is not the ambition to
give an exhaustive description of all possible materials
combinations, but rather to review some important
aspects of spin-source fabrication illustrated with some
recent results from our own research activity. In line
with today’s emphasis to demonstrate the spin-injection
process in IMI-V (electroluminescent) semiconductor
devices, the paper will be focused on GaAs based
epitaxial heterostructures.
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In the first part of the paper we will describe the
epitaxy of metallic ferromagnetic elements and alloys
on GaAs. We review some results of initial experiments
on Fe and Co epitaxy, since these materials are in the
picture for Schottky barrier spin-injection devices today.
Further, a brief description of Mn-based alloys will be
presented, justified by the wealth of possible Mn-III or
Mn-V alloys that can be epitaxially grown on GaAs
with various properties. This section is followed by a
summary of the results obtained recently on the epitaxial
growth of NiMnSb on GaAs, a half-metallic magnetic
alloy, that has potential to serve as a spin-source with
100% spin-polarization. We will further briefly discuss
some results on the realization of heterostructures includ-
ing two magnetic layers spaced by a semiconductor or
vice versa.

A very appealing class of materials for spintronics is
that of magnetic semiconductors, illustrated in this paper
by (Al,Ga)MnAs. A concluding section deals with the
contact strategies (ohmic, Schottky barrier or tunnel
barrier) for spin-injection reports in which where the
described materials combinations play an important role.

2. Epitaxy of metallic ferromagnets on semiconductor
substrates

2.1. Requirements for good epitaxy

With the continuing downscaling of devices and with
the advent of nanoscale devices, the dimensions of, e.g.

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.

PII: S0040-6090(02)00305-X




4 J. De Boeck et al. / Thin Solid Films 412 (2002) 3-13

Epitaxial relation
Thermodynamical stability
\ | Morphological stability
]

v As-deposited After heat-reatment

Metal Metal

(a) = M-Il and M-V
n-v

IR

Metal - - Metal

(b) (74 L = =M1l and M-V

i-v oy

T AN,

M-Il or M-V M-I or M-V

© V|V "y = -v

- . -V

d) Vv Vv M-lll or M-V = . M-Ill or M-V

il-v (RY,

Fig. 1. Schematic representation of the conditions for realizing good epitaxial metal III-V heterostructures.

the metal contacts can be on the order of the grain size
of the polycrystalline metals normally used. Although
this might not be an important issue for standard
electronic devices, it is a very important issue for devices
working with the magnetic properties of the metallic
contacts. Magnetic properties such as anisotropy and
available spin-polarization, e.g. are very closely linked
to crystal structure and orientation. MBE enables to
realize epitaxial metallic structures with well-controlled
crystal orientation and quality.

Epitaxy of metals on semiconductors has been an
active area of research over the past two decades. Many
successful attempts have been reported to deposit stable,
single crystal metallic thin films on semiconductor
surfaces. An excellent review of such studies for metal—
III-V semiconductor combinations is published by
Sands et al. [1]. The items of concern are schematically
shown in Fig. 1. We finally want to arrive at a pinhole-
free, monocrystalline metal. The interface should remain
well defined after possible heat treatment during device
fabrication or operation. Eventually, one may attempt to
fabricate a metal /semiconductor/metal stack multilayer,
in which case the epitaxy criterion is of importance to
maintain good quality semiconductor overgrowth.

The result after annealing in conditions A of Fig. 1
is the typical case for a metal contact to a semiconductor
structure, in, e.g. MESFET technology. After annealing
many phases may form and the metal layer is polycrys-
talline in nature. In the as-grown condition there is no
tendency to form a continuous layer due to the failure
to meet the epitaxy criterion.

In case B (Fig. 1), there exists some epitaxial relation
to the semiconductor, which helps to stabilize the metal
layer. After heat treatment, phase separation occurs due
to thermodynamical instability. When meeting both the

epitaxy and the thermodynamical criteria, as in case C,
the annealing will still cause problems due to insufficient
morphological stability. The alloy phase that was depos-
ited epitaxially as grown, will ball up into a highly
textured polycrystalline film. Notice that, often metal-
III or metal-V alloys have a higher chance to remain
thermodynamically stable. In the final case (D), all three
criteria are fulfilled and a stable metal/IlI-V heteros-
tructure results. In this case, semiconductor overgrowth
can be attempted with a reasonable chance of success.
An example of the latter are GaAs/ErAs/GaAs resonant
tunneling structures [2-4] and GaAs/AlAs/NiAl/
AlAs/GaAs [5]. In the case of the GaAs/ErAs/GaAs
heterostructures [6,7], a negative differential resistance
was observed at room temperature for ErAs thicknesses
in the range of 2.6—5 nm [8). The success was attributed
to the use of a Mn-template monolayer deposited prior
to ErAs deposition.

2.2. Co and Fe epitaxy on GaAs

Fig. 2 shows a set of examples metallic and ferro-
magnetic structures that have been grown epitaxially on
GaAs. The report on epitaxy of Co on GaAs by Prinz
[9] is one of the pioneering papers on magnetic/
semiconductor epitaxy [10]. Quite some research groups
have been very active in the study of epitaxy of
elemental magnetic thin films of Co and Fe on GaAs
(for a review see also Bland and Heinrich [11]). Such
studies have addressed in detail the evolution of the
magnetic anisotropy of thin (a few monolayers) Fe [12]
and Co films on GaAs. The substrate conditions prior
to metal deposition are crucial in the control of this
anisotropy since contributions to the net magnetic ani-
sotropy arise from the formation of the interface and
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Fig. 2. A set of magnetic materials, well suited for epitaxy on the zinc-blende Ga(ADAs.

early stages of metal film growth. The determining
factors are the initial metal adsorption sites and subse-
quent bond or site filling, and are strongly dependent
on the semiconductor surface reconstruction [13,14].
Also, anisotropies can be influenced by surface topog-
raphy, such as in the case of epitaxy on cross-hatched
InGaAs epilayers [15], and by the early stages of the
growth (e.g. step bunching and island formation). The
domain structure and magnetization reversal processes,
dictated by the induced magnetic anisotropy, have been
studied in-situ and ex-situ.

In the case of Cobalt epitaxy on GaAs a forced phase
[16] of Co, the bcc phase [9], can be realized due to
the epitaxial relationship. A review of the bec Co related
work until 1991 was given by Prinz [17]. More recently
the study of bec Co as seed layers for epitaxial metal
structures on GaAs has been reported, as well as further
studies on the structural [18] and magnetic properties
[19] of bee Co and CoFe alloys [20]. The appearance
of bec Co in superlattices of Co/Fe [21-23], Co/
Pd(111) [24] and Co/7-MnAl [25] has been demonstrat-
ed. In the case of the Co/Fe superlattices, nuclear
magnetic resonance (NMR) measurements on the short
range chemical order in combination with hyperfine
field experiments have illustrated the limits of stability.
In superlattices with Co thicknesses above 2 nm, alloy
formation with Fe at the interfaces is responsible for the
observation of the bcc phase. From reflection high
energy electron diffraction (RHEED) during the growth
of the Co, it was concluded that the bcc phase is not
sustained beyond approximately 1 nm.

2.3. Epitaxial Mn-based alloys on GaAs

When a metal alloy contains either a group III or a
group V element, good interface characteristics can be
expected. MnAs is such an alloy, that has been grown
epitaxially on GaAs [26-28], for which it was shown
that the preparation of the semiconductor surface before
growth changes the orientation of the epilayer with
respect to the crystal orientation of the substrate. Another

example of this class is MnSb epitaxy which has been
demonstrated recently [29,30]. As in the case of ele-
mental metals, the magnetization of these epitaxially
grown alloys is in the plane of the film. Another
interesting class of epitaxial magnetic films is that of
Mn-III alloys, in which the magnetization is out of the
plane. Examples of this class are Mn-based magnetic
thin films such as T MnAl [31,32] and & MnGa [33,34]
(see Fig. 2). In these cases, the epitaxial growth on a
IM-V semiconductor substrate (such as GaAs) is the
key to obtaining the desired perpendicular magnetiza-
tion. The metastable phase T MnAl can be stabilized by
coherence to the semiconductor substrate and due to the
epitaxial relationship, the c-axis of the tetragonal lattice
is normal to the growth surface. As a consequence, the
easy axis of the magnetization of the thin film points
out of plane. The flexibility in engineering new epitaxial
multilayers and new magnetic properties using this class
of ferromagnetic films have been demonstrated: MnGa/
NiGa [35] which multi-stepped hysteresis loops and
ferrimagnetic T MnAl/Co superlattices on GaAs [36-
38], in which both magnetic sub-layers of the superlat-
tice have a perpendicular magnetization, which are
aligned anti-parallel at zero field. Very large antiferrom-
agnetic interface coupling strength is observed, together
with a strong perpendicular magnetic anisotropy for both
the T MnAl and the Co layers. Kerr hysteresis loops of
7 MnAl/Co superlattices show abrupt transitions from
anti-aligned to aligned states. The Co layers are found
to be partially in the bce phase.

In alloys like MnAl and MnGa, a large imbalance in
density of states for majority and minority spins exists
approximately 1 eV above the Fermi-level [39,40]. This
property makes them interesting for ballistic magneto-
transport studies in ferromagnet/semiconductor hybrid
devices.

2.4. Epitaxial half-metallic ferromagnets

Even if one can realize perfect epitaxial metallic
ferromagnets on a semiconductor, these structures will
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always suffer from the disadvantage that there is not a
100% polarization in the magnetic contact. Metallic
ferromagnetic contacts have, at best, a polarization on
the order of 40%. The spintronic device performance
will be enhanced greatly, as described in more detail in
the final section of this paper, when the spin-source for
the device is polarized a full 100%. Such a situation
occurs in half metallic ferromagnets, of which NiMnSb
is one example which has been shown theoretically
[41,42] and experimentally [43] to be half-metallic in
the bulk. It has the interesting property that it meets the
criteria to be grown epitaxially on GaAs [44]. The
NiMnSb/GaAs combination is an excellent candidate
for atomically controlled interfaces because its crystal
structure is very closely related to the zinc-blende
structure of III-V semiconductors [44]. With a bulk
lattice constant [45] of 5.903 A, NiMnSb shows a
mismatch of 4.4% with GaAs (c=5.6533 A). Our
samples, typically consisting of a 200 nm GaAs buffer
and 260-350-nm-thick NiMnSb films, were grown with
a base pressure of less than 1X107' torr on either
GaAs (001) or (111) [46]. The growth was initiated by
simple co-evaporation of all three elements, ie. no
attempt was made to control the nucleation of NiMnSb
on a particular plane in the initial experiments.

On GaAs (100), the best morphology was obtained
at a substrate temperature of approximately 300 °C,
where the RHEED patterns remained streaky throughout
the entire growth. The stoichiometry of the films
depended strongly on the Sb flux. Fig. 3 shows the Sb
content xg,, of NiMnSb 1:1:xg, films grown with an Sb
BEP flux ¢Sb=5~ 13X $Ni, as measured by Ruther-
ford back-scattering (RBS). In contrast to the growth of
III-V semiconductors, there is no self-limiting mecha-
nism for the incorporation of the group-V element.
Rather, there is an optimum flux ratio $Sb= 10X ¢Ni
where stoichiometric films are obtained. Films grown
with lower Sb flux are Sb deficient, while films grown
at higher flux contain excess Sb. The total film thickness
reflects these changes in Sb incorporation (Fig. 3b,
determined by RBS).

All films grew in the (001) orientation as measured
by XRD. Stoichiometric films showed a lattice constant
¢ of 5.904-5.909 A that is almost identical to the bulk
lattice constant, while non-stoichiometric films, espe-
cially on the Sb-poor side, showed deviations, as indi-
cated in Fig. 3c. NMR studies were performed on these
films [47].

The room-temperature magnetization Ms shown in
Fig. 3d correlates well with the structural properties of
the films. Stoichiometric films have Ms of 450-570
kA/m slightly below the bulk value 720 kA/m and a
coercive field, H, of 2—-4 mT. In addition, stoichiometric
films show a varying degree of in-plane uniaxial anisot-
ropy with the easy axis along (110) or (1 — 10) depend-
ing on the growth conditions and on the choice of
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Fig. 3. Variations of the thin film properties of NiMnSb epitaxially
grown on GaAs (001) with the variation of the Ni to Sb beam equiv-
alent pressure.

interface layer. We are currently investigating the spin-
polarization at the interface of the NiMnSb and GaAs/
AlGaAs heterostructures by optical assessment of the
spin-injection.

Although there are many other candidates for half-
metallic ferromagnetic contacts, such as Cr,O with
measured polarization of 96% and above [48], they all
face the challenge to preserve the half-metallicity down
to the injection interface, in addition to be stable and
structurally ~ compatible  with  the underlying
semiconductor.

2.5. SC/FM/SC and FM/SC/FM heterostructures

As the technology of building artificial structures
improves, even more challenging structures may become
possible such as epitaxial multilayers of magnetic metal
and semiconductors (case D in Fig. 1). Van Roy et al.
reported magnetoresistance and coupling effects as a
function of the (Ga,Mn,As) thickness in MnGa/
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Fig. 4. A TEM cross-section of a GaAs/spin-valve/Si spin-valve
transistor.

(Ga,Mn,As)/MnGa trilayers [49]. When such structures
are further optimized, control of magnetic properties
with external modulation sources such as optical power,
may become reality. Butler et al. have performed cal-
culations of the electronic structure of an Fe/GaAs/Fe
structure. They conclude that the simple models relying
on potential barriers or density of states from the bulk
may not apply to such FM/SC/FM structure [50].

Magneto-optical properties of Co(100)/Ge/Co trilay-
ers have been reported [51]. The coercivity and the
anisotropy of these structures oscillate with the Ge
thickness. CoPt/(Si, Ge)/Co trilayer and multilayer
structures have been fabricated and analyzed using CPP
magnetotransport [52]. In these structures a small steep
CPP resistance change has been found that was ascribed
to the change in the relative spin orientation of the Co
(magnetic soft) and the CoP (magnetic hard) layers.

Although these structures show promising results,
often stability at higher temperatures (even room tem-
perature) is a critical issue.

One interesting example of a semiconductor/ferro-
magnetic/semiconductor is that of the spin-valve tran-
sistor (SVT) [53,54]. This device is a metal base
transistor with a semiconductor emitter (either Si of
GaAs) and a semiconductor collector (Si) in which the
metal base is replaced by a spin-valve multilayer. Des-
sein et al. have succeeded in making a GaAs/SV/Si
version of the SVT [55] in which MBE has played a
crucial role for the fabrication of the Ga(Al)As emitter
structure. The SVT device is fabricated by a room-
temperature vacuum wafer bonding technique: two clean
and smooth semiconductor substrates are brought into
contact during the evaporation of the magnetic multilay-
er. The resulting bond is of very high structural and
electrical quality. This is illustrated by Figs. 4 and 5.
Fig. 4 shows a transmission electron microscopy (TEM)
cross-section of the finished GaAs/Spin-valve/Si SVT.
The magnetotransport characteristic in Fig. 5 illustrates
the functionality of the device [56].

3. GaMnAs ferromagnetic semiconductor
3.1. Low-temperature MBE for GaMnAs

Although magnetic (half-)metallic materials offer
great potential as contacts in hybrid spintronic devices,
they do not offer any flexibility in terms of modulating
their degree of spin-polarization. It would be nice to
have a magnetic material that is fully compatible with
a major class of semiconductors and that offers the
possibility to change its ferromagnetic properties with
light, voltage, current. Ferromagnetic semiconductors
have that potential, in particular the ferromagnetic sem-
iconductors that are based on GaAs and GaN III-V
semiconductors. The most studied of this family is
GaMnAs, in which a high concentration of Mn is
incorporated in the zinc-blende lattice of the GaAs host.
Again, MBE plays the leading role in the development
of this material because of the need for growing the
highly supersaturated GaMnAs far out of equilibrium
conditions. The success in GaMnAs ferromagnetic mate-
rial was initiated by the use of a low-temperature growth
procedure [57,58]. Growth at such a low temperature is
made necessary by the fact that at higher temperatures
there is a tendency to form ferromagnetic MnAs precip-
itates within the GaMnAs alloy [59]. However, the low
temperature necessary for such precipitate-free growth
also results in the formation of As antisites that form
deep levels, counteracting the effectiveness of the
Mn?* acceptors through compensation. Parameters such
as temperature, relative cation fluxes and As overpres-
sure play an important role in the quality of the final
layer characterized often by the (critical-) paramagnetic-
ferromagnetic transition temperature T. Efforts to opti-
mize the incorporation of Mn into the ITI-V lattice have
led to controversial statements [60,61] but good results
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Fig. 5. The magnetocurrent characteristics of an optimized GaAs-spin-
valve transistor.
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Fig. 6. SQUID magnetization measurements show the onset of mag-
netic ordering at T,=45 K. The insets show the hysteresis measured
at T=4 K with the field parallel to the surface and the paramagnetic
signal at 50 K.

have been obtained by different groups and a 7, reaching
110 K has been reported [62].

3.2. The ferromagnetic properties of GaMnAs

The ferromagnetism of III, _ Mn, As alloys originates
from two ingredients: the obvious presence of magnetic
ions in the form of Mn?* and the high concentration of
holes in these systems, also supplied by the Mn2* ion,
which acts as an acceptor when substituted into the I11—
V lattice. The ferromagnetism of III-Mn-V as well as
trends in the observed T, have been explained by carrier-
induced ferromagnetism in which uniform itinerant-
carrier spin polarization mediates a long-range
ferromagnetic interaction between the Mn2* ions with
spin 5/2 [63]. As was shown recently [64], the mean
field theory based on the RKKY interaction has only
limited validity, and although it can provide a realistic
estimate of 7. it fails as a theory of the ferromagnetic
state. It lacks dynamic correlations in the localized and
itinerant spin system.

The most striking magnetic property of III,_ Mn,V
alloys is of course their ferromagnetic behavior below
the Curie temperature. A characteristic hysteresis loop
is demonstrated in the inset of Fig. 6.

3.3. Electronic properties of GaMnAs

Quantitative measurements of saturation magnetiza-
tion Ms result in values close to the calculated value
NmogyS. However, annealing experiments have
revealed that this value strongly depends on temperature
during or after growth. Mn~As complexes can be
formed during annealing, different from MnAs precipi-
tates formed at higher temperatures. Also the number of
holes for a given Mn concentration x can be maximized
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Fig. 7. Temperature dependence of the resistivity of Ga0.93Mn0.07As
in a constant applied field of 0.58 T, 1.1 Tand 8 T.

during growth by optimizing the growth parameters so
as to reduce the As antisites.

Hole concentrations in magnetic semiconductors are
determined from Hall effect measurements but an accu-
rate measurement is often troublesome, if possible at
all, due to the contribution of the extra-ordinary Hall
effect term. Moreover, the negative magnetoresistance
effect and, at very low temperature, the contribution of
a hopping component to the carrier transport further
complicate the measurements.

According to Oiwa et al. [65] the magnetoelectronic
states can be divided into three concentration regions:
samples in the region 0.01 <x<0.03 are ferromagnetic
but insulating (i.e. their resistivity increases dramatically
with decreasing temperature; those in the range 0.03 <
x<0.06 are metallic (i.e. their resistivity below 7, is
approximately independent of temperature); and those
samples with Mn concentration in the range above 0.06
again showing insulating behavior, most probably due
to increased disorder of magnetic and coulombic nature.
It is also striking that the metallic samples have the
highest values of the Curie temperature.

For a given x there is an almost direct proportionality
between the hole concentration p and the corresponding
value of the Curie temperature, up to a value of almost
x=0.06 beyond which T, drops again. The typical hole
concentration is 20% below the Mn concentration due
to compensation [62].

From the magnetic properties of GaMnAs it is clear
that holes have a direct and decisive effect on the
behavior of the system. It is not surprising that the
inverse is also true: transport properties of the alloys are
strongly linked to their magnetic character. One inter-
esting feature common to these materials is that p(D)
displays a peak at the Curie temperature, that is assumed
to arise from enhanced spin scattering as one passes
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through the critical temperature as shown in Fig. 7
where temperature sweeps of the resistivity of different
Ga, _,Mn,As layers in a constant field of 0.58 T, 1.1 T
and 8 T are given.

The temperature dependence of the resistivity can be
interpreted as critical scattering by packets of magnetic
spins with ferromagnetic short-range order characterized
by the correlation length comparable with the wave-
length of the carriers at the Fermi level [66]. In addition
to critical scattering, alloys in the insulating regime also
display an enormous negative magnetoresistance occur-
ring at low temperatures, but even at temperatures above
the critical temperature also shown in Fig. 7. Both rapid
rise of the resistivity with decreasing temperature in the
insulating samples, and its dramatic drop with magnetic
field at cryogenic temperatures can be understood in
terms of magnetic polarons. Magnetic polarons, which
form continuously as the temperature decreases, are
extremely efficient scatterers, thus accounting for the
rise of resistivity. Application of a magnetic field
destroys the polarons, restoring the resistivity to what it
would have been in their absence.

The application of Mott’s concept of a mobility edge,
the formation of polarons and the localization in a
magnetic system with coulomb disorder was used to
describe the metal insulator transition in a magnetic
semiconductor [67].

This transition, as well as the negative magnetoresist-
ance is contrary to non-magnetic heavily doped semi-
conductors where a positive magnetoresistance results
from a shrinkage of impurity states orbits in high applied
fields. Localization occurs now because of the combined
action of random potential fluctuations and the magnetic
disorder.

The magnetic properties of diluted magnetic II-VI
(and IV-VI) semiconductors have been studied theoret-
ically in great detail and many results are applicable to
the III-V materials as well, the important difference
being the nature of the Mn impurity atom itself. The
magnetic ion which occupies the cation (Ga) sublattice
in zinc-blende GaMnAs provides a localized spin and
at the same time act as an acceptor. Despite the strong
doping compensation, all III-V Mn materials are heavily
doped p™*.

Undoped II-VI magnetic semiconductors show a
spin-glass transition at low temperature due to the direct
antiferromagnetic coupling between Mn ions. Upon
doping, the transition from a spin-glass antiferromagnet-
ic to a ferromagnetic phase happens and is caused by a
RKKY interaction between free carriers and localized
Mn spins. A corresponding change in Curie temperature
from negative to positive occurs and was first discovered
in IV-VI materials by Story et al. [68].

It can be shown [69] that the critical temperature
derived from the RKKY interaction, with the approxi-
mations made, compares well with that derived from a

total low-field magnetic susceptibility of the coupled
system of carriers and localized spins in the mean field
approximation. This important conclusion justified the
application of the mean field theory in GaMnAs and
according to Dietl et al. [63] this model has its origin
in one originally proposed by Zener [70] in an early
attempt to explain ferromagnetism in transition metals.
This semi-empirical approach allows to include e.g.
spin-orbit splitting, the effect of strain and heavy doping
effects based on carrier—carrier interactions and is able
to explain quantitatively the Curie temperature Tc of
GaMnAs (and ZnMnTe doped with nitrogen) and the
influence of strain on the orientation of the
magnetization.

The complex valence-band structure of zinc-blende
ferromagnetic semiconductors was included in the the-
oretical model based on the mean field theory for hole
mediated exchange. It was found that spin-orbit coupling
had an important effect on the Curie temperature and
the direction of the magnetization below T.. Higher
values for T, are predicted for materials containing
larger concentrations of holes and magnetic ions and for
zinc-blende structures with lighter elements like GaN
but also ZnO.

3.4. AIMnAs: a new magnetic semiconductor

With the intention to fabricate heterostructures in
which modulation doping or spin-filtering will become
possible, we studied the growth of Al, _,Mn,As with up
to 4% Mn. Stoichiometric low-temperature MBE con-
ditions are achieved by using an As, flux at the Ga-
rich-to-As-rich growth boundary. The samples were
grown on a GaAs(100) substrate at 230 °C. The two-
dimensional growth as the dominating process is verified
by clearly observed RHEED oscillations and streaky
(1x2) patterns during growth. Structural characteriza-
tion with XRD reveals crystal quality comparable to
GaMnAs. The change of the lattice constant of AIMnAs
is roughly proportional to the Mn flux, suggesting
complete incorporation of Mn atoms.

Fig. 8 illustrates the magnetization measurements on
(a) Alyo;MngosAs and (b) AlgosMnggsAs. These indi-
cate that the 3% Mn sample follows the Brillouin
function quite nicely and shows no ferromagnetic behav-
jor, while the 4% Mn sample shows a ferromagnetic
signal at low temperatures. The ferromagnetic signal is
ascribed to the presence of nanometer-scale magnetic
particles formed in the AIMnAs layer, most likely MnAs.
AlMnAs layers were then incorporated in heterostruc-
tures. One interesting heterostructure is AlIMnAs/3-Mn/
GaAs where a 2DHG is formed at the AIMnAs/GaAs
interface. Below the transition temperature of the Al-
MnA:s, in this case 10 K, we found evidence of a strong
interaction between the magnetic moments near the
interface and the 2DHG. This interaction is visible in
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Fig. 8. SQUID magnetization measurements of AIMnAs layers with
(a) 3% and (b) 4% Mn.

the Hall-effect measurements. These observations will
be published elsewhere [71].

4. Spin-injection device trials

In order to demonstrate a spintronic effect, existing
semiconductor devices are mimicked using a combina-
tion of magnetic and semiconductor materials. Examples
are: the spin-FET [72], where magnetic source and drain
are used in a field-effect transistor layout, the hot-
electron metal-base transistor, the spin-valve transistor
[53], where a magnetic multilayer is replacing the metal
base, and light-emitting devices [73,74]. It is important
to realize that for all such attempts, the spintronic device
will not deliver the same functionality or the same
performance as the original semiconductor device. It
would be a mistake to believe that a well-known
transistor structure could be turned into an improved
version by making it function with electron spins rather
than charge. In the best case they illustrate a novel,
magnetic functionality and/or show the effect of spin
transport. Their importance lies in the fact that with the
fabrication of such novel ‘transistors’ the complexity of
the magnetic/semiconductor materials combination is
revealed and our understanding of spin-transport
improves.

4.1. Ohmic or tunnel contact?

Let’s concentrate on the efforts of injecting a spin-
polarized current in a semiconductor from a metallic
magnetic contact. Many attempts have been made to
fabricate such a spin-injection structure using an ohmic
contact. It was recently described [75] why such
attempts are unsuccessful [76,77] when the ferromag-
netic and the semiconductor are in the diffusive contact
regime. The effectiveness of spin-injection from the
ferromagnetic is reduced by a factor M expressing the
mismatch in conductivity and spin-flip length between

the two materials:

Tp Ay R
M=1+—"F(1-a}
On Ap

0;—0
a}:=#
o;+0,

is the bulk polarization of the electrodes, o, ;, are the
spin up (down) conductivities, o (o) is the total
conductivity in the semiconductor (ferromagnetic metal)
and Ay (Ay) is the spin flip length in the semiconductor
(ferromagnetic metal). For metallic ferromagnets the
value of M is on the order of 100, effectively suppressing
the spin-injection [77].

In most cases, however, the metal semiconductor
contact will not be a clean ohmic contact. The interface
properties will change the electrical behavior of the
metal /semiconductor heterostructure. These electrical
characteristics are normally designed by changing the
electronic properties of the semiconductor using doping
and band-gap engineering such that a tunnel barrier, an
ohmic contact, or a Schottky barrier is formed. An
uncontrolled interface due to phase separation or severe
intermixing leads to unpredictable changes in the device
performance. The structural and magnetic information
on the ferromagnetic/semiconductor interface is quite
substantial, but detailed electrical characterization is
rather limited. For spin-injection there is recent consen-
sus based on experimental and theoretical [78] results
that a tunnel injector is the best alternative. In spin-
injection using tunneling, vacuum barriers [79-81],
AL O; barriers [82,83] and Schottky barriers [84,85]
have been used. From a device perspective, the vacuum
barrier is not very practical and the Schottky barrier
might not be very stable. Our preference goes to the
fabrication of a stable Al,O, oxide barrier such as used
in magnetic tunnel junctions [86—88].

4.2. Al,0;: a good tunnel barrier for spin-injection

We recently applied our expertise in fabricating mag-
netic tunnel junctions to the fabrication of spin-injection
structures for realizing spin-injection components. The
advantages of this approach are that the magnetic prop-
erties of the contact can be well controlled at the metal /
insulator interface, and this interface will be more stable
over time and with temperature than direct metal/
semiconductor heterostructures. Although a Schottky
barrier contact can act as a tunnel injector, recent reports
show 2% spin injection efficiency at room temperature
[84], such devices may suffer from the above stated
problems. The fabrication of the tunnel-injector includes
the epitaxial growth of a semiconductor heterostructure
that should allow the observation of spin-injection. Since
the spin-injection efficiency will be assessed through
the optical response of the structure, surface emitting
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Fig. 9. Schematic cross-section of an LED structure with Al,O5 tunnel
barrier injector.

LED components were fabricated (see Fig. 9). GaAs/
AlGaAs heterostructures were grown by MBE consisting
of the active region, interface control, carrier confine-
ment and contact layers for good LED operation. The
sample was unloaded from the MBE and transferred to
the sputtering tool to fabricate a 1.9-nm-thick Al,O;
layer. First an Al layer was deposited which was
subsequently oxidized in a controlled O, ambient of 100
torr. As a magnetic top contact we sputtered NiFe or
CoFe layers. The I-V characteristic show that the tunnel-
injector allows to inject electrons in the conduction band
of the GaAs active region of the LED. The structure of
the Al,O; was not optimized and first attempts were
made to deposit the Al for the barrier in the MBE
system, without success so far. Using an appropriate
optical assessment technique [89] we recently found
evidence of spin injection exceeding 8% at 80 K using
this type of LED. This is a promising development that
may find further improvement if the barrier structure
can be optimized, possibly using a full epitaxial struc-
ture. The advantage of the oxide barrier approach for
the tunneling is, furthermore, that Si-based spintronic
structures become possible.

Besides the use of the magnetic contacts to realize
spin-injection, moderate spin-injection efficiencies have
been obtained using GaMnAs as a spin-injector [74].
The possibility to incorporate the ferromagnetic semi-
conductors in tunnel structures [90], 2-DEG structures
[71] and Schottky barriers [91] and to control the
magnetism with voltage [92], makes them highly attrac-
tive for future spintronic components. Recent reports on
the spin-polarized tunneling from the valence band of
GaMnAs to the conduction band of GaAs in a p+-
GaMnAs/n+ GaAs reverse biased Esaki-type diode
[93,94] brings another degree of freedom to the design
of FMS-based semiconductor structures.

5. Conclusion

Molecular beam epitaxy is an extremely powerful
tool for the exploration of new devices, as proven once
more in the field of spintronics. Through the expertise
gained in the epitaxy of magnetic thin films on semi-
conductors and the realization of magnetic semiconduc-
tor materials, the progress in spintronic devices using
III-V heterostructures has been rapid over the past few
years. This paper has highlighted a few areas of research
and some of the basic challenges for realizing spin-
transport devices.
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Abstract

Resent results concerning epitaxial Fe,0,(001) films grown by reactive deposition on MgO(001) substrates as well as obtained
by oxidation of epitaxial Fe(001) films are reviewed. Conversion electron Mossbauer spectroscopy (CEMS) performed in and ex
situ was used to check the stoichiometry and electronic properties with monolayer resolution. Size effects were reflected in
reduction of the Verwey temperature for the film thickness less than 50 nm. With further decrease in thickness, the films showed
strong deviation from the bulk properties due to formation of a magnesium rich phase near the MgO/Fe,0; interface. Surface
oxidation to y-Fe,0;, which can be reversed by annealing, was found using CEMS. The atomic scale surface characterization
was accomplished for the first time in situ by the scanning tunneling microscopy, which revealed details of the surface
reconstruction and termination. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Magnetite; Thin epitaxial films; Conversion electron Mossbauer spectroscopy; Scanning tunneling microscopy; Surface reconstruction

1. Introduction

Transition-metal oxides are a subject of intensive
research for their interesting physical phenomenology
[1] and technological importance as catalysts [2], anti-
corrosives [3] and magnetic materials [4]. Magnetite
(F;0,), as a strongly correlated material, combines the
full spin polarization on the Fermi level with a high
Curie temperature and has potential industrial applica-
tion in magnetic recording or spin electronics [5] and
also as a catalytic support [6]. Magnetite shows native
conductivity, being one of a few exceptions among
simple metal oxides and therefore can be easily studied
with the scanning tunneling microscopy (STM), a pow-
erful method in the model catalyst studies. The model
catalyst studies with oxide materials have often faced
numerous problems connected with the preparation of
reproducible and well-characterized single crystal sur-
faces [7]. Difficulties in preparation of that type, report-
ed also for magnetite [8], can be overcome by the thin
film technology enabling to grow a high quality Fe,O,
surface by the reactive molecular beam epitaxy (MBE).

*Corresponding author. Faculty of Physics and Nuclear Techniques,
University of Mining and Metallurgy, al. Mickiewicza 30, 30-059
Krakéw, Poland. Tel.: +48-12-617-2911; fax: +48-12-634-1247.

E-mail address: korecki@uci.agh.edu.pl (J. Korecki).

Epitaxial magnetite films are also important for spin
dependent transport devices, as the mobile electrons
may be 100% polarized. However, many features of
structural, electronic and magnetic properties of thin
films are still under debate [9-11). Size and surface
effects lead to strong deviations from bulk properties,
which additionally depend on the sample thickness and
stoichiometry varying for different technological para-
meters of the growth process. Additionally, the stoichi-
ometry and structure of the surface and interface layers
may differ from that of the film interior. Few atomic
layers forming the phase boundary are often crucial with
regard to the phenomena of the interest. This is just the
case of the catalytic reactions or tunneling, which are
typical surface/interface processes.

Magnetite crystallizes in the cubic inverse spinel
structure. The oxygen ions form a closed packed cubic
structure with Fe ions localized in two different sites,
octahedral and tetrahedral. The tetrahedral sites (A) are
occupied by trivalent Fe ions. Tri- and divalent Fe ions
occupying the octahedral sites (B) are randomly
arranged at room temperature because of an electron
hopping. Below Ty~ 125 K the electron hopping ceases
and the Fe ion charge undergoes a long range ordering.
This leads to a metal—insulator transition known as the
Verwey transition. The transition concerns not only

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V, All rights reserved.
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electric properties but can be also seen in the heat
capacity [12] or magneto-resistance measurements [13],
and has a strong manifestation in the hyperfine interac-
tions probed by the Mossbauer spectroscopy, which has
been widely used in bulk magnetite studies [14]. At
room temperature, when the electron hopping process is
fast, the Mossbauer spectrum is characterized by two
sextets. The one with the hyperfine magnetic field Bye=
48.8 T and the isomer shift IS=0.27 mm/s relative to
a-Fe corresponds to the Fe,™ ions at the tetrahedral A-
sites. The second one with B,;=45.7 T and IS=0.65
mm/s is the Fe3>*-like average signal from the cations
at the octahedral B sites. Fej? and Fel' are indistin-
guishable due to a fast electron transfer (electron hop-
ping), which is faster (t~1 ns) than the *’Fe excited
state lifetime (98 ns). The magnetite unit cell contains
eight Fe}* ions and eight Fe3* and Feg" ions, 16 in
total at the B sites, therefore, the intensity ratio =
I(B)/I(A) of the two spectral components is a sensitive
measure of the stoichiometry. Assuming that the room
temperature ratio of the recoil-free fractions fg/fa for
the B and A sites is 0.97 [15], the intensity ratio 8 for
perfect stoichiometry should be 1.94. In non-stoichio-
metric magnetite, under an excess of oxygen, cation
vacancies at the B sites are created. The vacancies
screen the charge transfer and isolate the hopping proc-
ess. For each vacancy, five Fe*>* ions in octahedral sites
become trapped. In the MoOssbauer spectrum these
trapped Fe?* ions at the octahedral sites and Fe** ions
at tetrahedral sites are indistinguishable without applying
an external magnetic field. Therefore, in the spectrum
of non-stoichiometric magnetite, intensity transfer from
the Fe3>" to Fel"-like components is observed. There-
fore, the intensity ratio B decreases markedly with the
oxidation process, until the stoichiometry reaches the vy-
Fe, O, phase, which is represented by a single unresolved
Zeeman component, close to that characteristic of the
Fe3* site in magnetite.

Below T, the Mossbauer spectrum becomes compli-
cated and difficult to interpret, comprising a superposi-
tion of at least five components. Any impurities and
vacancies screen the hopping process, lowering the
transition temperature and changing the character of the
transition. The sharp first order Verwey transition in
stoichiometric magnetite becomes smoother and more
second order-like.

Electronic transport in magnetite is determined by the
short-range interactions between the nearest neighbors
that are the iron ions in the octahedral sites. Thus, in
the case of the systems with reduced dimensionality, a
strong influence on the phase transition, coming from
the film microstructure and the surface or interface
related phenomena, is expected. It is difficult to distin-
guish between intrinsic size effects and effects related
to deviation from the stoichiometry at the interface and
surface. In the present paper we discuss Mossbauer

results, which partially solve this problem by an analysis
of the surface and interface stoichiometry of thin epitax-
ial magnetite films.

The conversion electron Mossbauer spectroscopy
(CEMS) has numerous advantages when applied to thin
films. Contrary to most of the surface sensitive methods,
CEMS has an ability to probe buried layers and inter-
faces with the monolayer sensitivity for films made of
a pure Mossbauer isotope [16]. The method gives the
atomic scale local characterization of chemical, structur-
al and magnetic properties, simultaneously. The CEMS
measurements are ultra high vacuum compatible, which
gives the possibility of in situ investigations of clean
surfaces in a wide temperature range. Exceptional sen-
sitivity of our CEMS measurements (below one mono-
layer of *’Fe) and a strong radiation source allowed us
to collect high quality Mdssbauer spectra also for thin-
nest films.

A controversial problem faced in many magnetite
studies is surface termination and reconstruction. The
surface structure of (001) oriented magnetite is usually
discussed considering the bulk unit cell as composed of
eight atomic sublayers, which contain either only tetra-
hedral iron atoms in A sites (so called A layer) or
oxygen and octahedral B iron ions (so called B layer).
The distance between A or B layers is approximately
0.2 nm, whereas the smallest interlayer spacing (A-B)
is approximately 0.1 nm. Neither of the bulk terminated
Fe;0,(001) surfaces (A nor B) is charge compensated
and the charge neutrality condition of the polar
Fe;0,(001) is the driving force of the reconstruction,
which, although intensively studied with different meth-
ods for single crystals [17,18] as well as for epitaxial
films [10,11,19-22], is still not fully understood and
explained. Moreover, the valence-band spectra taken
from an epitaxial film differ considerably from those of
cleaved Fe;0, samples and the surface spin polarization
is smaller than expected [23].

In this paper we present resent results concerning
Fe,0,(001) films grown by reactive deposition on
MgO(001) substrates [24,25] as well as obtained by a
post-preparation oxidation of epitaxial Fe(001) films
[26]. Combination of STM and CEMS studies applied
in situ at ultra high vacuum conditions, resulted in the
atomic scale characterization of the film surface as well
as the film bulk and buried interfaces.

2. Experimental details

The experiment was performed using a multi-chamber
UHV system (base pressure 1X 107'° mbar) which was
described previously [27]. The preparation chamber
contains a miniature MBE system, consisting of metal
vapor sources and quartz monitors to control the evap-
oration rate and a four-grid LEED/AES spectrometer.
The CEMS chamber is dedicated to the in situ measure-
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Fig. 1. (a) LEED pattern at the electron energy of 70 eV for the (-‘EX :,i’Z—)R45° reconstructed surface of the 20 nm Fe,0,(001) film on MgO(001)
and STM topographic scans: (b) for the as-deposited surface-deposition temperature 520 K, (c) after 1 h annealing at the deposition temperature

and (d) after 1 h annealing at 820 K.

ments of the Mossbauer effect by detection of the
conversion electrons using a large opening channeltron.
The sample was mounted to a cold finger of a stationary
liquid nitrogen cryostat, which allowed to perform the
measurements in the temperature range between 80 K
and 500 K.

A second UHV system was used for in situ STM,
equipped with a similar technological facility as the one
described above.

All discussed samples were prepared on MgO(001)
substrates cleaved in N, atmosphere prior to the intro-
duction into the UHV system. The substrates were then
annealed for 1 h at 900 K in UHV and after this
procedure the MgO(001) surface showed atomic clean-
ness and perfect structural order as checked with AES
and LEED. Magnetite was grown by the Fe-vapor
deposition at the rate of approximately 1 nm/min, in
the presence of oxygen. Oxygen was provided, using a
precision leak valve, from a nozzle placed 1 cm from
the substrate to achieve a relatively high local O,
pressure avoiding contamination of the whole chamber,
For the Mossbauer experiments *’Fe isotope was used.
The small lattice spacing mismatch (0.3%) between
magnetite and the MgO substrate in the (001)-plane
provides favorable conditions for the epitaxial growth,
which helps in reaching the thermodynamic equilibrium.
The magnetite phase could be stabilized in a broad
range of the O, partial pressure (1X1077+1X10"¢
hPa), as controlled by a quadrupole mass spectrometer,
for the substrate held at 520 K. For all sample ranging
from 500 nm down to 3 nm thickness, LEED (Fig. 1a),
displayed a ({2X(2)R45° reconstruction relative the
primitive surface bulk unit cell of magnetite. This type
of reconstruction is typical for the (001) bulk magnetite
surface [17] as well as for the surface of epitaxial
magnetite films on MgO(001) [19-22]. Decreasing the
film thickness below 5 nm caused an increase of a
diffused background accompanied by spot broadening,
leaving the pattern symmetry unchanged.

Ex situ STM studies of magnetite film require jon
bombardment/annealing treatment for restoring the sur-

face cleanness [19-22]. We were able to study the
surfaces of the as-prepared films in situ and to examine
the influence of annealing as shown in Fig. 1b—d for
20 nm films. When the films were cooled down to the
room temperature immediately after the deposition is
completed, the STM picture revealed grainy structures
with a nanometer lateral size, which by the height
analysis can be identified as monoatomic terraces spaced
by approximately 0.2 nm (Fig. 1b). The overall height
amplitude in the presented area was <1 nm, which
means that no more than five monoatomic levels were
exposed. Annealing the films for 1 h at the preparation
temperature resulted in an increase of the terrace size
up to several nanometers (Fig. 1c). Rising the annealing
temperature up to 800 K produced large flat areas with
the lateral dimensions of 20~50 nm (Fig. 1d) but AES
analysis indicated the presence of magnesium, which
had diffused from the substrate, as it was observed
previously [28].

3. Electronic and magnetic properties vs. film
thickness

Mossbauer spectra were measured in situ for the films
from 430 nm down to 3 nm thickness at the temperature
range between 80 and 300 K. A selection of the spectra
for the 430 nm and 10 nm samples at three different
temperatures is presented in Fig. 2 [24].

The 430 nm sample represents the bulk stoichiometric
magnetite behavior. The hyperfine magnetic field B,
the isomer shift IS and the quadrupole splitting QS are
in a good agreement with the literature values for the
bulk material. The component with larger B,; and
smaller IS corresponds to trivalent Fe ijons located at
the tetrahedral A sites, while the other one is interpreted
as the average signal from Fe** and Fe®* ions at the
octahedral B sites, seen effectively due to the electron
hopping as Fe’** ions. By lowering temperature, the
effect of the Verwey transition can be observed in the
Mossbauer spectra. The Verwey transition, as seen by
our CEMS analysis, is a multistage process. When 7\,
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Fig. 2. Selection of CEMS results for 430 nm and 10 nm epitaxial
Fe,0,(001) films at different temperatures [24].

is approached going from high temperatures, at first the
components associated with the A and B sites gradually
reverse their intensity, the effect being particularly strong
below 130 K for the 430 nm sample. The change of the
intensity is accompanied by a broadening of the lines.
This phenomenon, which is probably due to the dynamic
effects connected with the electron hopping, remains not
fully explained even for the bulk magnetite, indicating
a highly diffuse charge dynamics. In the narrow tem-
perature range, close to Tv, the Mossbauer spectrum
undergoes drastic changes connected with the charge
ordering. The electron hopping freezes, which means
that the Fe>* and Fe?* ions at the B site differentiate
in the Mossbauer spectrum. It is manifested by new
components that appear in the spectrum. Eventually, in
the third transition stage, which proceeds down to the
lowest applied temperature (80 K), the new hyperfine
pattern becomes more distinct and the lines - narrower.
At 80 K, a reasonable fit with three spectral components,
corresponding to Fe>* at the A site, Fe’* at the B site
and Fe?" at the B site was possible. Magnetite spectra
below T, are rather complex because of twinning, which
means that there is a dipolar field distribution leading
to broad and weakly resolved spectra [14]. The com-
ponent corresponding to the Fe** ions at the B site is
the most complex due to the characteristic high value
of the quadrupole splitting QS. This is the reason why
the apparent distribution of the ions at the B site between
Fe?* and Fe?* deviates considerably from the expected
1:1 ratio.

The spectra for the 10 nm sample are similar to those
for the 430 nm one (comp. Fig. 2). However, besides
the slightly lowered values of By for the component A
and B, there is one remarkable difference at the room
temperature. A third component with a relatively broad

distribution of B, has to be added to the fitted spectrum.
We interpret this component as the one coming from
the interface, where diffusion of Mg and Fe cations
takes place, as suggested earlier for annealed magnetite
films [28]. The contribution of the interfacial component
to the spectrum reaches 15%. Taking into account that
the contribution of the A site for the 10 nm spectram
remains unchanged with respect to a bulk and it amounts
to 1/3, it is obvious that the interfacial component
originates from the octahedral sublattice, in which the
Fe ions have been replaced by Mg ones. By this
assumption, from the relative area ratio of the spectral
components, the thickness of the interface zone is
estimated as 2.0 nm. At the low temperature (80 K),
the spectral component from the Mg rich phase and the
B site Fe?* ions cannot be resolved due to an intricate
character of the spectra below the Verwey transition.
Our observation contradicts the earlier CEMS studies of
the Fe;0,/MgO interface using >’Fe probe layer [29],
where no deviation from the magnetite stoichiometry
was observed. However, it has to be noted that the broad
interfacial component could be detected only thanks to
high spectrum statistics and quality. Even more intrigu-
ing, is that the ultra thin magnetite layers in Fe;0,/
MgO multilayers, were found to be compositionally
uniform [30,31].

Around Ty, the interpretation of the Mossbauer spec-
tra is difficult but the Verwey transition can be followed
using a spectrum parameter, which is independent on
the applied spectrum model. Our analysis is based on
the observation of the total amplitude ratio of the
outermost line groups at the positive and negative
velocities. For stoichiometric magnetite, well below the
Verwey transition, the ‘1/6 ratio’ parameter (defined by
the inset in Fig. 3) is very close to 1. The plots of ‘1/
6 ratio’ vs. temperature (Fig. 3) clearly reveal a com-
plicated character of the transition reflected in the
Mossbauer spectra. For the 10 nm sample the transition
is much broader than for the 430 nm one. The first
transition stage observed as a gradual intensity reversal
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Fig. 3. ‘1/6 ratio’ parameter plotted vs. temperature for the 430 nm
(M) and the 10 nm (O) thick samples (error bars for the 430 nm
sample are less than the size of points). ‘1/6 ratio’ is defined in the
inset [24].
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Fig. 4. CEMS spectra for the 3 nm epitaxial Fe,0,(001) film at 300
K (a), 130 K (b) and 80 K (c) [24].

of the components A and B has its onset for the thin
sample just below the room temperature, whereas for
the thick sample this transition stage is nearly completely
suppressed. Similarly, at low temperatures, the transition
region for the thin sample is much broader than for the
thick one. This is an indication that the transition may
change from the first order to the second order when
the sample becomes thinner. The reason of the change
in the transition character may be either lattice strains
due to the lattice mismatch with the substrate or the
natural doping with Mg coming from the substrate.

The value of 7 is the important information source
concerning the magnetite stoichiometry. T, varies from
125 K (for & close to 0) to approximately 100 K for
highly non-stoichiometric samples (8 =0.02) [33]. From
Fig. 3 Ty for the 430 nm film is estimated as 122 K
indicating nearly perfect stoichiometry, whereas the 10
nm sample undergoes the transition at approximately
110 K.

The spectra for the thinnest studied sample, which
was 3 nm thick, are shown in Fig. 4. At 300 K a typical
relaxation character of the spectra is obvious (Fig. 4a).
Similar behavior observed for magnetite films on sap-
phire [32] and for Fe,0,/MgO multilayers [34] was
attributed to superparamagnetism. Superparamagnetism
in ultrathin magnetite films originates from the nuclea-
tion of the Fe,0, films on MgO(001) [34]. The lower
symmetry of the inverse spinel structure and the larger
unit cell compared to the MgO substrate mean that the
magnetite islands can nucleate in eight different ways
and coalescence of different islands leads to a formation
of antiphase boundaries, which are a perturbation for
the exchange interaction. The relaxation character of the

spectrum at room temperature does not allow to con-
clude about the chemical composition and the electronic
properties. However, by lowering the temperature, the
superparamagnetic relaxation is blocked and below 200
K the spectra reveal their static character. From low
temperature measurements (Fig. 4b,c) it is clear that the
3 nm sample shows the behavior which differs consid-
erably from the bulk magnetite-like one. The most
important observation is that the spectra resemble those
for magnetite below the Verwey transition, at least in
the whole temperature range where the superparamag-
netic relaxation is slow enough to give a static magnetic
spectrum with a well-resolved hyperfine pattern, i.e.
between 80 and 200 K. It could mean that the Verwey
transition in the ultrathin magnetite films is shifted to
higher temperatures (or completely suppressed). An
alternative explanation involves formation of a magne-
sium rich inverse spinel, which is structurally isomorphic
with magnetite and then indistinguishable by diffraction
methods (LEED, RHEED or X-rays). Our films were
grown at the temperature (520 K) at which, massive
Mg surface diffusion through a thick film cannot be
expected, but the formation of a magnesium rich spinel
phase at the interface occurs as it is seen for the 10 nm
sample. James et al. [35] concluded that no magnesium
ferrite is formed in Fe,0,/MgO multilayers but the
result is based on superparamagnetic spectra and in our
opinion is not proved sufficiently. Summarizing, we
suggest that the suppression of the Verwey transition in
ultrathin magnetite films (thinner than 5 nm) originate
from their chemical composition (high concentration of
magnesium impurities) and that the structure and com-
position of ultrathin magnetite films, and at the Fe;0,/
MgO interface, differ strongly from those of a bulk.
This observation remains in direct contradiction with
the previous results [29-31,34,35].

4. Surface and interface seen by CEMS and STM

In magnetite films, composition inhomogeneities are
expected not only at the film/substrate interface, as
mentioned above but also at the surface. This problem
was addressed by Fuji et al. [29] who used depth-
selectivity of CEMS to probe surface layers with a sub-
nanometer *’Fe probe layer embedded in Fe samples.
Minor depth-dependent changes were confined to a few
outermost atomic layers but the essential electronic bulk
features, including a rapid electron hopping, were
retained at the surface and also at the Fe,0,/MgO
interface. This observation contrasts strongly with the
scanning tunneling microscope images of a clean mag-
netite (001)-surface interpreted in terms of a Verwey-
type charge ordering in the surface layer at room
temperature [8]. A possible explanation for this discrep-
ancy is oxidation and contamination of the magnetite
surface, which is unavoidable during ex situ CEMS
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Fig. 5. Room temperature CEMS spectra of the 10 nm epitaxial mag-
netite film: as-grown (a), oxidized in air (b) and annealed for 1 h at
600 K at UHV (¢) [25].

measurements, although, generally magnetite is thought
to be stable against room temperature oxidation [32]. To
clarify this problem the CEMS measurements were done
for the 10 nm Fe;0,(001) film after 1-month exposure
to the atmosphere and then again at UHV condition,
after being annealed in vacuum for 1 h at 600 K [25].
The measured spectra are collected in Fig. 5, together
with the spectrum in the as-prepared state (Fig. 5a)
repeated for a direct comparison from Fig. 2.

After an exposure of the sample to a clean air at the
atmospheric pressure a drastic change in relative inten-
sities of spectral components are clearly seen (Fig. 5b)
but the hyperfine parameters of the fitted components
(except the area ratio) did not change markedly. The
obvious reason of the observed changes is surface
oxidation. The thickness of the modified layer may be
estimated based on the hypothesis of the cation vacan-
cies formation at the octahedral sites. Assuming, for
simplicity, that the oxidized phase has a homogeneous
composition of y-Fe,0;, the thickness of the oxidized
surface layer was found to be 1.5 nm. Annealing the
sample at 600 K for 1 h at UHV restored the spectra of
the ‘as-prepared’ state (Fig. 5¢). The UHV condition is
strongly reducing and reverses the oxidation. Annealing
also has an effect on the MgO/Fe;0, interface as seen
by the appearance of an additional component with a
broad B, distribution at approximately 25 T. The large
IS and low B, values indicate that the new component
should be related to a Mg rich phase. It is formed when
Fe diffuses into MgO, finally forming a Fe, _,O wustite-
type oxide with the cubic structure of MgO [36]. For

further investigation of this process an additional 60-
nm-thick sample was prepared. By increasing the sample
thickness, the interdiffusion process could be studied in
a broader temperature range. The final effect of the
annealing cycles is shown in Fig. 6. After the last
annealing cycle at 1000 K, a Mg-doped magnetite phase
component and a wustite-like doublet (IS=1.04 mm/s,
QS=0.33 mm/s) can be identified unambiguously in
the Mossbauer spectrum. The deeply buried wustite
layer could not be detected by other methods [37]. By
comparison with the spectra of the Mg-doped magnetite
single crystals [38], the average Mg concentration x in
the formula Mg Fe;_.0O, is estimated to be 0.10-0.15.
From the intensity of the spectral components, the
thickness of the wustite layer formed in the MgO
substrate is found to be approximately 5 nm.

Because of the observed oxidation, surface sensitive
studies of magnetite require in situ measurements. In
Fig. 7 we show in situ CEMS spectra with the >’Fe;0,-
probe layer deposited on top of 20 nm >°Fe;0, films.
When the probe layer is 2.4 nm thick a bulk-like
magnetite CEMS spectrum is observed (Fig. 7a). For
the films analyzed in Fig. 7b,c, a 0.8 nm probe layer is
used to follow electronic surface properties of films
displaying different surface reconstruction:
(\/—2p>< ‘/E)R45° (Fig. 7b) or (1x 1) (Fig. 7c). The surface
structure of magnetite will be discussed in more detail
below, in relation to STM measurements. Here we want
only to stress the obvious difference between the both
spectra. For the (ﬁx \/§)R45° reconstruction, the spec-
trum retained many features of bulk magnetite. The
spectral components of the A and B sites can be
identified unambiguously although, judging from the
Fe?* /Fe*>>* component intensity ratio, the number of
the Fe ions occupying perfect octahedral sites is reduced
compared with the bulk stoichiometry. The 0.8 nm probe
layer containing >"Fe corresponds to eight ideal atomic
layers of the A- and B-type. From the intensity of the
three Zeeman components, which were indispensable to
fit the spectrum it could be concluded that the *’Fe
atoms of the probe layer form approximately three

number of counts/10°
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Fig. 6. CEMS spectrum after 1 h annealing cycles between 500 and
1000 K, with 100 K steps, for the 60 nm epitaxial magnetite film
[25].




20 J. Korecki et al. / Thin Solid Films 412 (2002) 14-23

20 nm #Fe304(001}

-
o

intensity [%]

g

5 &

20 nm %Fey0:(001)

101

100 | 3%

Fig. 7. Room temperature CEMS spectra of the 20 nm *Fe,0,(001)
sample with *'Fe;0,(001) probe layers: (a) 2.4 nm, (b) and (c) 0.8
nm with (;2X/2)R45° or (1X 1) reconstruction, respectively.

stoichiometric A-B layer pairs. The remaining 5’Fe
atoms, in amount equivalent to four A or two B ideal
layers, give rise to the Zeeman component with broad-
ened lines, the reduced hyperfine magnetic field B, =
429(5) T and the isomer shift IS=0.45(5) mm/s,
which lies between the values for the A and B sites.
Such component was observed also by Fuji et al. [29]
and interpreted as coming from Fe** jons. From our
analysis of the hyperfine parameters we favor the inter-
pretation that it is due to all Fe ions in two or three
topmost layers, which are subjected to relaxation and
reconstruction.

Fig. 7c shows the CEMS spectrum for a sample
displaying (1X 1) reconstruction. The surface structure
is very sensitive to the preparation condition and a small
variation of the oxygen partial pressure during prepara-
tion, deposition temperature or post-preparation anneal-
ing may induce an irreproducible change of the surface
reconstruction from (2% 2)R45° to (1X1). From the
CEMS spectrum it becomes obvious that such a change
is connected with a pronounced relaxation of the surface
layer from the ideal spinel structure. As compared to
the (2% 2)R45° reconstruction, the spectral compo-
nents attributed to the surface layers are more intense
and much broader. There is also a clear reduction of the
Fe ion number contributing to the ideal A-type layers.
It might be the indication that the (1 X 1) reconstruction
corresponds to the surface terminated with the A-type
layer.

The_surface termination and interlayer relaxations of
the (2% {2)R45° surface are being the subject of an
intensive debate [9]. It is the most typical reconstruction

for MBE grown films monitored in situ by LEED or
RHEED [19-22]. However, surprisingly, in situ diffrac-
tion experiments were never combined with in situ STM
studies. It is commonly believed that autocompensation
is a necessary, but insufficient, condition for the cor-
rectness of any particular surface structural model [9].
The most natural way to achieve an autocompensated
Fe,0,(001) surface that possesses the observed (42
y2)R45° symmetry is to terminate it with a half tetra-
hedral Fe’* monolayer. However, autocompensation can
also be achieved by terminating the surface with a B-
type layer, in which the number of oxygen vacancies
or/and the Fe’* to Fe** ratio is varied. Many different
reconstruction models based on A- or B-type layer
termination were proposed and discussed in the litera-
ture—the most recent review can be found in the paper
of Mijiritskii and Bjorma [11]. Some authors believe
that both types of termination are possible, but there is
the consensus that they do not occur simultaneously on
one surface. Such a conclusion comes from the STM
images, in which the smallest step height observed on
the Fe;0,(001) surface (see Fig. 1) is approximately
0.2 nm, which corresponds to the interplanar spacing of
the A—A or B-B layers, whereas for the mixed A/B
termination 0.1 nm steps are expected. Indeed, our
topographic large scan STM images shown in Fig. 1 led
to the same result. However, it is not necessarily true
passing to the atomically resolved patterns presented in
Fig. 8. The image taken at the sample bias 1 V (Fig.
8a) has a similar character to the one presented by
Stanka et al. [22], which was interpreted as coming
from the octahedral Fe termination with characteristic
rows which are Fe ions in octahedral sites. The height
histogram (below), constructed from the data in the
white frame area, clearly reveals that two monoatomic
terraces are spaced by 0.2 nm. Situation changes entirely
for the bias voltage lowered to 0.75 V, as seen from
Fig. 8b. Already, from a visual inspection, it becomes
obvious that the surface structure is more complicated
and diversified than it could be expected from a simple
model assuming a homogenous octahedral or tetrahedral
termination. The apparent step height depends on the
tunneling conditions. The height histogram for the same
area shows now a broad distribution without any pro-
nounced features of steps. We were also able to dem-
onstrate that by changing the bias to negative values the
image symmetry changes completely, indicating tetra-
hedral termination [39]. Consequently, we postulated a
mixed octahedral/tetrahedral termination, assuming that
different atoms or atomic planes are imaged at different
sample biases.

S. Magnetite by oxidation of Fe(001) epitaxial films

Annealing improves the surface quality (lateral size
of terraces) but it inevitably leads to the diffusion of
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Fig. 8. Atomically resolved 30X 30 nm? STM images of the 20 nm Fe;0,(001) film on MgO(001) taken at different sample biases: 1 V (left)

and 0.75 V (right). Below: height histograms from the marked areas.

magnesium into the magnetite film. This phenomenon
sets a temperature limit for the growth of Fe;0,(001)
on MgO(001) by the reactive deposition of Fe. An
alternative preparation procedure, used for the
Fe;0,(111) growth on metallic substrates is oxidation
of epitaxial ultrathin Fe films [40,41]. We have used a
similar preparation technique for oxidizing an epitaxial
Fe(001) film on MgO(001) [42]. To enable further
studies with the Mossbauer spectroscopy, the iron iso-
topes *’Fe and *°Fe were used to enhance the surface
sensitivity and a typical sample was engineered by
placing the 5 nm *’Fe probe layer on top of the 20 nm
56Fe film. Iron was evaporated from thermal sources on
polished MgO(001) substrates at an elevated tempera-
ture that was optimized for a flat growth [42]. Fe grows
on MgO(001) with epitaxial relations: Fe(001)//
MgO(001) and Fe[110]//MgO[100], i.e. by the 45°
rotation of the (001) surface unit cell. A flat growth is
reported for Fe on MgO at elevated temperatures [42]
but to prevent an island-type growth nucleation should
proceed at low temperature (e.g. 300 K) and then
temperature can be raised gradually up to 620 K at a
final thickness. Fig. 9a documents the surface topogra-

phy of the 20 nm film obtained according to the above
receipt. An oxide layer was formed on the Fe(001)
surface by annealing the film for 15 min at 550 K in
10~* Pa O, partial pressure. The oxidation resulted in
the formation of a new epitaxial phase observed in a
LEED pattern (Fig. 9b). The pattern symmetry indicated
that the layer could be a magnetite. The STM image
showed distinct changes of the film topography (Fig.
9¢). Small irregular grains transformed after annealing
to monoatomic terraces with atomically resolved struc-
tures characteristic for magnetite [22], as shown in the
inset in Fig. 9c. Unambiguous identification of the layer
formed is given by a CEMS measurement shown in Fig.
10. The spectrum could be fitted with four components.
Components (A) and (B) come from magnetite repre-
senting Fe ions in tetrahedral and octahedral sites,
respectively. Component (M) is due to a metallic iron.
Apparently, the oxidation affected only a part of the top
57Fe layer. Component (I) comes probably from an
interfacial layer formed between Fe;O, and metallic
iron. Neglecting differences in recoilless fractions, the
thickness of the oxide layer can be estimated by com-
paring the relative intensity of the spectral components,
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Fig. 9. Oxidized 20 nm-**Fe/5 nm-*"Fe epitaxial film on MgO(001) as characterized by LEED and STM: (a) 100X 100 nm? topographic STM
image of the Fe(001) surface before oxidation, (b) LEED pattern at 94 eV after oxidation and (c) 100X 100 nm® topographic STM image after
oxidation. Inset on (c) shows the 12.5X12.5 nm? atomically resolved scan of the film annealed at 750 K.

which indicated that the magnetite layer formed on the
epitaxial Fe(001) film is 3 nm thick. The Fe,0,(001)
layer obtained in this way could be subjected to a high
temperature annealing for improving the structure
because the remaining Fe layer sets an effective barrier
for Mg diffusion.

6. Conclusions

Highly sensitive in situ CEMS measurements gave us
precise structural and magnetic characterization of epi-
taxial magnetite films grown on MgO(001). By lowering
the film thickness down to the 10 nm range, the
electronic film properties reflected in the Verwey tran-
sition are modified considerably: T, decreases, the
transition becomes broader. We attributed these changes
to the MgO/Fe;0, interface, at which a magnesium rich
phase is postulated based on the CEMS results. The
surface electronic properties seen by a probe layer

108 1
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Fig. 10. In situ CEMS spectrum of the oxidized 20 nm-*Fe/5 nm-
*Fe epitaxial film on MgO(001).

correlate with the surface reconstruction. Modifications
of the surface hyperfine pattern for the (22X /2)R45°
reconstruction are weaker than for the (1X 1) one.

In situ STM shed some light on the surface termina-
tion of the Fe,0,(001) films. By the analysis of the
STM images at different bias voltages, we suggest that
a mixed A- and B-type termination can occur on a one
surface.

Preparation of Fe;0,(001) films by oxidizing epitax-
ial Fe(001) films gives a promising perspective for
growing layers with unique structural and magnetic
properties.
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Abstract

We investigate molecular beam epitaxy (MBE) regrowth through shadow masks developed from AlGaAs/GaAs layers on
GaAs [001] substrates. Adjusting the directions of the molecular beams relative to the masks results in in situ lateral structuring.
This enables us to modify doping and composition within one layer, to shift it laterally, and even to split it or to reduce its width
relative to the mask’s aperture. The resolution of this selective area epitaxy (SAE) technique is restricted by half shadows and
surface diffusion. With diaphragms and thin masks it is possible to decrease half shadows to a few nanometers. However,
diffusion mainly is a material parameter. We have investigated III-V and II-VI semiconductors. In the latter case it is extremely
dependent on the crystal orientation. Along [1—10] diffusion lengths are very short. This is in agreement with ab initio
calculations in our group. Thus lateral structuring with a resolution of a few nanometers is achieved. We discuss the degrees of
freedom, which arise from different chamber geometries and mask concepts. With simple striped masks complex structures such
as stacked three colour detectors or selective contacts to embedded 2DEGs can be realised. Three novel mask concepts will be
presented. Deeply underetched masks serve as elastic substrates for misfit layers over the critical thickness without plastic
relaxation. Second, as an analogy to cleaved edge overgrowth, we use masks developed from AlGaAs/GaAs superlattices. Finally
interconnected structures with lateral periodicity of a few micrometers have been realised with grid masks. © 2002 Elsevier
Science B.V. All rights reserved.

Keywords: Molecular beam epitaxy; Shadow masks; Selective area epitaxy; Superlattices

1. Introduction defining side is in contact with the substrate. In this
way the partial shadow width, which is proportional to
the residuary shadowing distance, is minimised. Selec-
tive growth of patterned GaAs/AlGaAs such as with a
width as narrow as 1 pm has been demonstrated [6].
However, when using an in situ mask fixture, which is
necessary for multi-step masking, the worse contact
(increased shadowing distance) causes a minimum 5-7
pm width of the mesa edges [5]. By using a relative
motion between the mask and the substrate during
deposition a controlled lateral variation of chemical
composition in the epitaxial layer structure can be
realised. The smallest width of lines written in this way

area epitaxy (SAE) [5]. Shadow masks with small is approximately 10 pm [8]. For using different in situ

. . . . . sks absolute positioning i 0 .
apertures are realised by anisotropic etching of pyrami- masks absolute positioning is an unsolved problem. In

dal shaped holes through thin (001) Si wafers (50 pm ultra-high vacuum environment a resolution of the order
thick) %6] Altemativfly a p*-Si or silicon nitrpibde of several micrometers has not been realised. Due to

membrane is prepared and openings are structured by this limited resolution and alternative SAE techniques,

Mechanical shadow masking is, generally speaking,
an obsolete method of patterning vacuum deposited
films. However, when its limitations are unimportant,
one may exploit its several advantages over modern
lithographic techniques. Being an in situ technique it
helps to improve device characteristics [1]. Devices,
which are not feasible by post-processing or ex situ
techniques, have been realised by in situ lateral struc-
turing [2,3]. Also large-scale integration of devices has
been demonstrated [4].

Usually removable mechanical masks made of refrac-
tory materials (W, Ta, Mo, and Si) are used for selective

conventional lithography [7]. Both kinds of masks are which realise in situ growth of small dimensional struc-
used in contact mode, which means that the aperture tures by means of self-assembling techniques, shadqw
growth with removable shadow masks has lost its

*Corresponding author. importance for semiconductor technology.

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
PII: S0040-6090(02)00307-3
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cap

Fig. 1. (a) Growth into T-shape masks for lateral structuring. (b)
Growth onto deeply underetched T-masks. The elasticity of the mask
is used in order to increase the critical thickness of a misfitted layer.
(c) Grid masks enable the growth of coherent structures with lateral
periodicity. (d) An analogy to cleave edge overgrowth. Selectively
etched SL.

2. Stationary shadow masks

We investigate molecular beam epitaxy (MBE)
regrowth through shadow masks developed from Al-
GaAs/GaAs layers on GaAs [001] substrates (see Fig.
1a). First the GaAs cap layer is structured lithographi-
cally and subsequently underetched by hydrofluoric acid,
which selectively attacks the AlGaAs spacer layer and
uncovers the atomically smooth substrate surface. In this
way sub-micrometer apertures and an MBE-precise dis-
tance of the shadow edge from the substrate is realised.
Dahler et al. have first considered the alignment of such
stationary masks relative to the incidence angles of the
material sources [2,9,10]. By synchronising mask rota-
tion with shutter operation they achieved selective
doping.

2.1. Spatial resolution

Without diffusion the resolution of lateral structuring
is limited only by the extend of partial shadows Ax.
These are due to the finite aperture y of the oven’s
orifice (see Fig. 2c). For the RIBER 32 MBE (chamber
geometry sketched in Fig. 2) with standard effusion
cells the angular spread of the molecular beams is
approximately 10°. This is minimised by an increased
sample—source distance d and by using small apertures
in front of the ovens. In the latter case hot-lip cells or
separate heatings are required to prevent accruing of the

apertures. Since the width of partial shadows Ax below
the mask is proportional to the distance ¢ from the
shadow edge, we have reduced the thickness of the
spacer layer in order to reduce the width of partial
shadows to the order of 10 nm.

In such small dimensions controlled deposition is
interfered by diffusion dynamics. For MBE of IlI-V
semiconductors diffusion lengths of the order of several
micrometers limit the shadow growth resolution. Sub-
micrometer resolution is only realised with weak-diffus-
ing components like Si or Al. However, dynamics are
effectively reduced at low substrate temperatures (LT).
Therefore magnetic III-V semiconductors, which are
regularly LT-grown, are ideally suited for in situ nanos-
tructuring with the shadow growth technique. Another
important class of materials, which is ideally suited to
be structured by shadow growth, is wide-bandgap II-
VI semiconductors. In this case we have observed an
extremely anisotropical diffusion behaviour. When ZnSe
(Se-rich) is deposited through stripe-masks oriented
along the [1—10] direction faceting of the mesa edges
due to self-assembly is observed. In contrast to this a
round-shape profile of the edges is observed in the
perpendicular [110] orientation. This shape is due to the
flux-gradient of the partial shadow. From these experi-
ments we conclude that the preferential diffusion-direc-
tion is along [110] with diffusion lengths of the order
of 1 wm, while in the perpendicular [1— 10] direction
diffusion lengths are only of the order of 10 nm. This
can be understood by results obtained from density
functional calculations in the local density approxima-

(a) tilt axis~,
manipulator

Fig. 2. (a) Sketch of the RIBER 32 chamber geometry with the
manipulator in standard position (tilt angle ¢=62°). The effusion
cells (not scaled) are aligned in two angles from the horizontal plane.
(b) Their horizontal separation is 22°. (c) The partial shadow Ax is
due to the finite aperture y of the oven’s orifice.
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tion. For these calculations the total energy of a single
zinc atom on top of an otherwise perfect selenium-rich
(2X 1) surface was calculated as a function of position
in order to obtain a map of the surface potential for
zinc [11]. The result shows that for diffusion in [110]
direction the zinc atoms have to overcome barriers of
approximately 640 meV resulting from the selenium
dimer rows, whereas similar barriers in the [110] direc-
tion are only of the order of 180 meV. A more detailed
discussion of diffusion dynamics during the growth of
ZnSe will be given in a later contribution.

2.2. Degrees of freedom

Compared with shadow growth with removable
masks, the degrees of freedom for lateral structuring
with only one stationary mask are somewhat reduced.
In order to compensate this deficiency we have done
intense basic investigations and developed techniques,
which further expand the degrees of freedom of this
technique.

These are lateral layer offset, size-control, selective
doping, secondary shadowing, and composition modifi-
cation. Lateral layer offset is realised by changing the
angle of incidence of parallel molecular beams relative
to the shadow mask. In our MBE chamber pivoting the
sample manipulator does this. For a shadow mask of
thickness ¢ and an incidence angle ¢ the absolute layer
offset x is given by x=r tan(¢). Size control is due to
enhanced compound-sticking. At the growth temperature
the single elements reevaporate from the surface where
they cannot find their compound partners. With non-
parallel incident molecular beams growth is restricted
mainly to the overlap of the molecular beams. This
option depends on the sticking coefficients (material
properties), and is not effective with most III-Vs (e.g.
gallium does not evaporate and forms droplets where no
arsenic is incident). Selective doping is realised by
varying the incidence directions of the acceptor and
donator molecular beams. In the same way composition
modifications of mixed crystals are achieved by adding
the mixing components with different angles. Finally
secondary shadowing enables the deposition of laterally
separated layers. By means of secondary shadow effects
in situ grown steep edges can also be used instead of
extremely thin shadow masks. In this way it is also
possible to integrate shadow edges of different height
into one structure.

With all these many degrees of freedom controlled
deposition of complex nanostructures in three dimen-
sions is realised. Structures, which demonstrate the
potential of this technique, include the nipi band filling
modulator (selective contacts to doping-superlattices
first realised by Dohler et al. [2]), selective deposition
of sub-micrometer in situ contacts to embedded layers
(stapled three colour detectors or selective contacts to

__Angle of Rotation

Manipulator Titt

(c)

40

(d) (e

Fig. 3. Angles of incidence ¢ (relative to a stripe mask) dependent
from manipulator tilt and rotation angles [(black) 0°<abs(j) <50°
(white)). (a) Zn effusion cell (RI: left inner cell). (b) Se effusion
cell (R2; left inner cell). (c) Growth rates of AlGaAs/GaAs-SLs (R2
cells) dependent on the manipulator tilt angle. (d) Center-symmetric
arrangement of the effusion cells. (e) Alighment of the effusion cells
in two lines.

embedded 2DEGs can be realised in this way [12]),
homogeneous ZnSe quantum-wires embedded in Mg-
ZnSSe [13], and ZnSe-embedded CdSe quantum-dots
arrayed in a single line [14]. These structures have in
common that they cannot be realised by any other
method.

2.3. Chamber geometry

For the design of new devices with the above stated
degrees of freedom some restrictions, which are due to
the MBE chamber geometry have to be considered. As
has been discussed before the resolution limiting angular
spread of the molecular beams is effectively reduced
with diaphragms, which minimise the apertures of the
sources. Therefore the crucial restrain of the degrees of
freedom is the inability to freely vary the directions of
the molecular beams. In a standard MBE chamber
geometries there are only two co-ordinates (manipulator-
tilt and -rotation; see Fig. 3ab) defining the possible
alignments of the sample holder relative to a stationary
array of elemental cells. Therefore the residual freedoms
critically depend on the cells’ arrangement. Chambers
with a source alignment in two lines, and the center
symmetrical type are commonly used (see Fig. 3d). In
the second case it is not possible to align a stripe-mask
in the way that more than two molecular beams are
incident parallel (with respect to the stripes). Therefore
uniform mixed crystals are only achieved by continu-
ously rotating the samples, or by mixing the binary
compounds digitally. This severely constrains the free-
dom to choose whatever material. However, in our
RIBER 32 MBE chamber (see Fig. 2a,b) the sources
are aligned in two lines with each four elemental cells
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Fig. 5. Cathodo-luminescence micrograph of an overgrown elastic
masks. The dashed boxes indicate not underetched areas of elastic
fields, which are free of dark-line and point-defects.

(Fig. 3d). In this configuration the growth of uniform
quaternary layers is possible. Pivoting the sample manip-
ulator does offsetting the mixed-crystal layers. And non-
parallel incidence of the molecular beams is possible in
a wide range of the (two-dimensional) manipulator
positions. Therefore a large variety of complex structures
can be grown. Usage of multi-crucible cells, compound
sources, or an UHV transfer system, which interconnects
several MBE chambers, further expands the possibilities.
In the Wiirzburg MBE cluster six MBE chambers plus
an in situ metallization chamber are connected together
in this way.

For a further improvement of the chamber geometry
for directed molecular beam epitaxy the possibility to
manipulate the sources’ arrangement in situ is the main
task. Simple solutions to this problem are valved cells
with kinked line cracking zones lapping into the cham-
ber. In situ manipulation of the outlets’ position can be
arranged by rotating this extension. Valved cells are
generally important for this technique since the effective
flux rates vary with manipulator tilt. The consequences
of this are variations of the growth rates (see Fig. 3c),
the composition of mixed crystals, and the critical flux-

ratio of compounds (py/pvi> and py/py. respectively)
from the stoichiometric value. The final task that is
important for the chamber geometry is the position of
the tilt-axis. This should cross the sample, since other-
wise flux variations tend to be more complex (as in the
RIBER 32 MBE; see Fig. 2a).

3. Mask concepts

The interesting properties of AlGaAs/GaAs shadow
masks (selectively etchable, pseudomorphic, strong, and
elastic) have inspired us for the following three novel
mask concepts.

3.1. Elastic mask

The first mask is based on the extreme strength and
elasticity of deeply underetched GaAs-cap layers. Thin
layers are even stable if the free-standing parts drag out
50 times the layer thickness h, (Fig. 4). Such fine
structures can be used as elastic substrates (see Fig. 1b).
Lo [15] has calculated that the effective critical thickness
t. (for the generation of misfit dislocations) of films
deposited on ideal elastic substrates approaches infinity
(t5¢=t-"'—hg 1) as the substrate thickness 4, is reduced
to below the critical thickness ¢, (with inelastic sub-
strate). For ¢, <h, <2t. Lo also supposed that threading
dislocation free heteroepitaxy could still be achieved,
since threading dislocations tend to be pushed into the
thin substrate due to the effect of image force. However,
selective area epitaxy on plain substrates also expands
critical thicknesses. This is due to lateral elastic relaxa-
tion of selectively deposited layer, if the thickness to
width ratio A/2l is high. Jain et al. have performed
finite element calculations for this case, and found that
for the ratios 4/21=0.05, and 0.1 stresses in the middle
of an elastically relaxed stripe are reduced by 26%, and
40%, respectively [16]. We have defined fields on a
shadow mask by opening narrow aperture stripes along
[110] and [1—10] direction. The edges of these fields
have been underetched on a width of 2 wm, serving as
elastic substrates. The residuary area of the 10-30 pm
wide fields is based on the thick AlGaAs spacer layer
and is free to relax laterally in order to reduce strain in
layers, which are grown above it. We have overgrown
such elastic fields. A 50 nm thin GaAs buffer and 750
nm ZnSe (overcritical) were deposited under standard
MBE conditions. With an optimised mask preparation
defects due to leavings on the mask (as those observed
in Fig. 4) could be avoided. Results obtained by means
of high-resolution X-ray diffraction (HRXRD) indicate
that the thick ZnSe layer on the elastic mask is only
partially relaxed. The degree of plastic relaxation is only
v=0.53. Additionally a triangle shaped diffuse scatter-
ing signal is observed in the 115 reciprocal space maps.
This is probably due to the existence of pseudomorphic
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Fig. 6. Scanning electron micrographs from selectively etched Al-
GaAs/GaAs-superlattices.

fields, which are free of treading dislocations (see Fig.
5). Evaluation of cathodoluminescence micrographs
shows a significant reduction of the defect density with
the size of the fields. On most of the small fields (edge
lengths >10 wm) no defects have been found.

3.2. Analogy to cleaved edge overgrowth

The second mask concept (see Fig. 1d) is analogous
to cleaved edge overgrowth (CEO). GaAs/AlGaAs
superlattices (SLs) were cleaved and subsequently
dipped in hydro-fluoric acid (HF). This selectively
etches the AlGaAs layers, and leaves free-standing GaAs
lines (see Fig. 6). The smallest line widths realised in
this way are as small as 10 nm (35 nm high). The idea
is to overgrow these pattern-lines (the combined use of
shadow techniques is optional). Since two MBE proc-
esses define thickness and width, it should be possible
to realise homogeneous nanowires in this way. In con-

Fig. 7. Scanning electron micrograph of overgrown etched superlat-
tices. (a) Thin layers. (b) Thick layer.

ALV pol Magn wh p—————q fig

HOOKV 20 4642x 61 GRID MASK Junchion

Fig. 8. (a) Scanning electron micrographs from AlGaAs and GaAs
stripes, which have been deposited through a 10 pm periodic grid
mask with 4.6 wm apertures. (b) A groove between the AlGaAs and
the GaAs stripe. (c) Widened apertures level the groove, and coherent
periodic arrays of stripes are realised.

trast to CEO in situ cleaving is not required since the
growth area is spatially separated from aluminium-—
composite layers. In the first experiments we have
overgrown such pre-patterned cleave edges with III-V
materials (see Fig. 7). Self-assembly of smooth facets
has been observed when the nominal thickness of grown
layers was of the order of the width of the GaAs-stripes
(Fig. 7b). With only thin GaAs/InGaAs layers deposited
onto the mask the homogeneity of the etched GaAs-
lines was not affected (Fig. 7a). In order to reproducibly
realise homogeneous nanowires with this mask concept
improved processes for the preparation of the terminated
[110] GaAs interfaces (oxide-, or hydrogen-), and for a
proper desorption (substrate temperature is critical) have
to be developed.

3.3. Grid mask

The final mask concept (see Fig. 1c) presented in
this contribution is a real two-dimensional mask. A grid
mask was structured by etching arrays of aperture stripes
(4.5-5.5 pm X 150 wm) with 10 pm lateral periodicity
into the 1-um-thick GaAs cap layer. Finally the residual
GaAs grid was completely underetched. In this way
large areas of the substrate are uncovered, with only the
free hanging grid above them. Bending of the grid
stripes due to gravity is small. In a first experiment we
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have deposited AlGaAs and GaAs layers through the
grid with absolute layer offsets of 2.5 pm, and —2.5
p.m, respectively (see Fig. 8a). Consequently the growth
areas meet in the middle of the aperture lines and in the
centre below the free-hanging GaAs grid lines. Depend-
ent on the width of the aperture-lines separate stripes
(with grooves; see Fig. 8b), and alternatively intercon-
nected structures with lateral periodicity of 10 wm have
been realised (see Fig. 8c). The potential of grid masks
is the possibility to perform in situ structuring of lateral-
periodic structures with the same many degrees of
freedoms that have been discussed above.

4. Conclusion

In summary, directed shadow growth through station-
ary shadow masks is an in situ technique suited for
nanostructuring. Since its high resolution is based on
weak diffusion dynamics it addresses especially those
materials, which are not well suited for self-assembling
techniques. These are LT:III-V (important magnetic
semiconductors) and most II-VI semiconductors (group
VI-rich growth). We have developed several techniques,
which make up the many degrees of freedom of this
technique. These are lateral layer offset, size-control,
(selective doping,) secondary shadowing, and composi-
tion modifications. By this growth of complex nanos-
tructures in three dimensions is realised. Shadow growth
also avoids restrictions, which are due to layer-by-layer
growth. Therefore unusual materials combinations (e.g.
relaxed with pseudomorphic structures) and new devices
can be realised.

We have discussed restrictions due to the MBE
chamber geometry as the angular spread of the molecular
beams, the fixed arrangement of effusion cells, and
variations of the fluxes. Possible solutions for these
problems have been presented.

Three novel mask concepts were presented. Homo-
geneous quantum-wires can be realised by overgrowing
selectively etched superlattices. In contrary to CEO in

situ cleaving is not required. Secondly we have dem-
onstrated that overgrowing elastic masks increases crit-
ical thicknesses. Finally we have presented a first
two-dimensional stationary shadow mask, the grid mask.
This enables the growth of interconnected structures
with lateral periodicity.
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Abstract

We report on an efficient injection of spin polarized electrons from CdMgMnTe diluted magnetic semiconductor to non-
magnetic CdMgTe quantum well structure. The electron spins were able to diffuse keeping their polarization memory for distances
larger than 2000 A. Study of the optical properties of trions is shown to be a new, highly sensitive detection tool of spin injection.

© 2002 Elsevier Science B.V. All rights reserved.
PACS: 78.55.Et; 78.55.-m; 73.90.+f

Keywords: Diluted magnetic semiconductors; Trions; Spin injection

1. Introduction

Manipulation of electron spins is a basic ingredient
of the new field of spintronics. The ability to exploit
these spins in semiconductors promises new devices
with enhanced functionality, such as high speed spin-
polarized field effect transistors or logic gates in the
emerging field of quantum computation [1]. This new
class of devices involves injection of spin-polarized
electrons through a magnetic/non-magnetic interface,
with the spins being able to maintain the memory of
their polarization during the transport in the non-mag-
netic semiconductor. At the present stage of development
a sensitive spin polarization detection is, moreover,
essential. Recently, efficient spin injection into semicon-
ductors has been achieved utilizing either diluted mag-
netic [2] or ferromagnetic semiconductors [3] even in
lattice-mismatched structures [4,5]. In all these cases
spin polarized carriers have been injected into GaAs
non-magnetic semiconductor structures due to the large
spin coherence length observed in these materials [6).
The detection of those coherently transmitted spins has
been recorded by observing polarized excitonic lumines-
cence from non-magnetic quantum well QW utilized as
spin injection detector.

*Corresponding author. Tel.: +48-22-843-1331; fax: +48-22-843-
1331.
E-mail address: mohsen@ifpan.edu.p! (M. Ghali).

In this work we study transmission of spin-polarized
electrons in CdMgTe non-magnetic semiconductor
where spins originated from a diluted magnetic Cd-
MgMnTe spin injector. Moreover, the main feature of
this study is that we use negatively charged excitons
X~ as a new probe for spin detection. Negatively
charged excitons or trions in two-dimensional systems
have been evidenced experimentally in 1993 [7] and
have been the subject of very intensive studies [8—10]
since then. Here we exploit the unique properties of
trions that are due to their highly sensitive spin depend-
ent formation character.

2. Experiment

The structure under study consists of a CdTe/
Cd,, 0-Mg,, s Te heterostructure with type I band align-
ment grown by molecular beam epitaxy on (100)
oriented SI-GaAs substrate. A relatively wide CdTe
quantum well (QW) with 150 A width (assuring narrow
lines in luminescence spectra) is confined between an
abrupt band gap Cd,4,Mg, ,sTe barrier in one side. On
the other side, a graded band gap barrier of Cd, Mg Te,
x ranging between 0.08 to 0.25, has been grown using
the digital alloy method [11]. On the top of the latter
barrier, a 380-nm-thick quaternary compound layer of
Cdy7:Mg2sMn o:Te diluted magnetic semiconductor
(DMS) was grown, which serves as a source of spin

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Cdy»,Mg),sMn, \;Te

CdTe QW

Fig. 1. A schematic diagram of the band alignment of the sample
structure. Thick long arrows indicate absorption into different regions
using different excitation energies. Dashed lines show the giant Zee-
man splitting of CdMgMnTe bands.

polarized carriers. Fig. 1 shows a schematic diagram of
the band alignment of the entire structure. The structure
was intentionally undoped. However, due to residual
impurities we may expect present of excess electrons in
the QW of approximately 10" cm™2. The graded band
gap spacer barrier between the QW and the spin injector
was intended to enhance carrier diffusion into the QW.

Magneto-photoluminescence experiments were car-
ried out on this structure in magnetic fields up to 13 T
at the temperature of 1.8 K. Selective excitations in the
QW, in the non-magnetic barrier and close but above
the magnetic layer band gap have been performed using
Ti:sapphire, He—Ne and Kr* lasers, respectively. Care
was taken to keep the exciting power for each excitation
line to precisely 1 mW. Auxiliary photoreflectivity
experiments have been performed.

T

v T T v M !
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Fig. 2. Circular polarized PL of Cd,7,Mgg,sMngo,Te spin injector
material under excitation by 2.18 eV in both (a) o* and (b) o~
detections in magnetic field 1T.
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Fig. 3. PL spectra from the CdTe QW under excitation with 2.18 eV
in different magnetic fields (from Zero till 13T). The detection was
analyzed in both (a) o* and (b) o ~. Neutral exciton (X°) is clearly
pronounced at high magnetic fields starts from 3.6 T. The lower ener-
gy satellite peak is assigned to X~ trion. Note that both X° and X~
are circularly polarized in reversed directions.

3. Results and discussions

First, we confirmed by the reflectivity and PL meas-
urements that the Cdg,,Mgy,sMng,Te layer indeed
shows a large Zeeman splitting (~35 meV at 5 T)
between the spin-up (m;=1) and spin down (m;=—1)
excitons (i.e. it displays a giant spin splitting character-
istics of DMS). Fig. 2 shows the photoluminescence
from Cdy,Mg,sMngo,Te in ¢* and in o~ detection
at 1T. As we can see, all optically pumped electrons in
this layer relax to the lower Zeeman level producing a
system of completely polarized excitons and, therefore,
really completely polarized electrons [12]. This effect
arises due to the presence of Mn”>* in the material that
greatly facilitate the spin-flip processes. This feature, in
fact, makes CdMgMnTe as an efficient spin injecting
system. Fig. 3a,b shows the evolution of the PL spectra
from the 150 A CdTe QW at 1.8 K as a function of a
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Fig. 4. The density ratio between X~ trion and neutral exciton (X")
when photo-absorption occurs inside the QW (E,), in the non-mag-
netic barrier (E,, E,, E,) and above the spin aligner band gap (E,).
The decay of the ratio is clearly seen when the absorption is being in
the non-magnetic regions (barrier and QW) while a re-enhancement
of the ratio occurs when absorption occurs in the magnetic layer (the
spin injector). Symbols represent data points while line is a guide to
eyes.

magnetic field B in both o* and ¢~ detection, respec-
tively. In these experiments unpolarized laser light with
energy 2.18 eV has been used to excite the structure
close to but above the CdMgMnTe band gap. As we
can see, at B=0, the spectra are dominated by a strong
peak at 1.600 eV with a small satellite ~3.4 meV at a
higher energy. This satellite becomes gradually more
pronounced with an increasing magnetic field in the
o~ polarization. This polarization behavior is confirmed
in additional photoreflectivity measurements (not shown
here). We assign the high-energy peak to neutral exciton
recombination (X°) while the lower one to a negatively
charged exciton (X ™). The details of X~ identification
will be shown elsewhere. The presence of trions in our
intentionally undoped structure, showing their clear sig-
nature in the optical properties, can be ascribed to
background n-type impurities in the structure. This effect
has been observed in other recent studies in GaAs [13],
CdTe [14] and ZnSe [15] structures. We estimate from
the dissociation energy of the trions in our structures
that the excess background electrons in the QW to be
~3X10" cm~2? [16]. The intense X~ peak at zero
fields indicates the high probability of X~ formation.
Fig. 4 shows the integrated intensity ratio of X~ to that
of exciton (which we assume to be proportional to the
densities of X~ and X°, respectively) under different
excitation energies: above, in the non-magnetic barrier,
and inside the QW in the magnetic field of 0.5 T.

Let us discuss first what happens when the excitation
energy does not exceed the band gap of the magnetic
layer (2.03 eV in the absence of the magnetic field). In
Fig. 4—under various excitation energies, E, E, E;,

E,—it is clearly seen that the X~ /X° intensity ratio
decays with the excitation energy increasing gradually
from the QW band edge. This behavior implies a
reduction of the excess electrons in the QW. This is, in
turn, related to the fact that most of the absorption
events occur in the non-magnetic barrier region when
excitation is above the QW edge [17]. As in intentionally
n-type doped GaAs-AlGaAs QWs, the internal electric
fields created both by the ionized donors and the excess
electron charges in the well tend to separate the photo-
created electron—hole pairs excited in the barrier [18].
It is suggested that the holes are swept into the well
where they can recombine with the excess electrons in
the QW, while the photo-excited electrons are trapped
by the ionized impurities in the barrier [19]. Those
electrons that, nevertheless, enter into the well have a
‘wrong’ spin (i.e. the same spin with m;=+1/2 corre-
sponding to the lowest Zeeman component of spin
splitting conduction band in the non-magnetic material)
as those already present in the well, therefore, not being
able to form a stable trion in a singlet state.

Let us now see what happens when the absorption of
the exciting light occurs in the magnetic layer (the spin
injector in our structure). With excitation energy Es, we
notice in Fig. 4 a significant increase of the X~ to X°
intensity ratio. We have to keep in mind that there is a
reversal of sign of the g-factor of the photoexcited
electrons in this magnetic regions (g <0 for the CdMgTe
barrier and CdTe QW) while g>0 for CdMgMnTe
magnetic spin aligner. The formation probability of X~
trion is proportional, specifically, to the number of spin-
down (m;=—1/2) electrons in the QW system. These
can be easily supplied if there is an efficient and spin
preserving transfer of electrons from the spin injector to
the QW layers. This leads to an important conclusion
that this enhancement of X~ /X° density ratio is due to
spin polarized electrons diffusing, in the spin down
state, from the magnetic sPin aligner (CdMgMnTe) to
the CdTe QW via 2000 A of graded band gap non-
magnetic CdMgTe spacer. These polarized electron
spins, which are in the ‘correct’ spin state; my=—1/2;
(i.e. reversed in direction to those contained already in
the CdTe QW) are captured by confined electron—hole
pairs (excitons) inside the QW increasing the formation
probability of X~ trions.

In conclusion, we have shown possibility of optically
injecting electron spins from II-VI magnetic semicon-
ductor to non-magnetic CdTe QW using a non-ordinary
probe (negatively charged exciton). The trion X~ can
be efficiently used as a highly sensitive spin detector
due to its spin dependent formation character.
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Abstract

Optimum growth conditions of epitaxial Au/Co/Au sandwiches with a strong perpendicular magnetic anisotropy have been
investigated. The thermally induced evolution of the sandwich morphology, which determines its magnetic properties. was studied
by means of reflection high-energy electron diffraction and Auger electron spectroscopy. The roughness of Au and Co surfaces,
affected by the sample annealing, was evaluated from the length-dependent variance of topography acquired by atomic force

microscopy. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Surface roughness; Epitaxy; Gold: Cobalt

1. Introduction

Magnetic properties of surfaces and interfaces have
been one of the most important topics in modern
magnetism. They have been mostly studied in structures
with lowered dimensionality like thin magnetic sand-
wiches or multilayers. A perpendicular magnetic anisot-
ropy, being of great interest from both basic research
and practical applications (e.g. for magnetic storage
media) points of view, is one of the results of the
presence of interfaces in such structures. Therefore, the
Co/Au system has been widely studied since the first
announcement of such property in 1986 [1]. The thin
Co layer exhibits a magnetisation perpendicular to the
film plane, which similarly to other features, such as
coercivity, magnetic domain structure, magnetisation
reversal and Curie temperature [2—12], is film thickness
dependent. Above a certain critical thickness a second
order phase transition takes place resulting in the mag-
netisation reorientation to the in-plane direction.

The earliest studies of these phenomena were based
on the assumption that the interfaces were morphologi-
cally smooth. However, the existence of interface rough-
ness in real films might affect substantially their
magnetic properties. Shape and interface anisotropy is
strongly dependent on the film structure and the interface
roughness due to appearance of non-compensated mag-

*Corresponding author.
E-mail address: wawro@ifpan.edu.pl (A. Wawro).

netic poles. Imperfections of the interfaces may act as
pinning centres for domain walls, modifying mecha-
nisms of magnetisation reversal. Therefore, an under-
standing of a correlation between the film morphology
and magnetic properties is of great importance.

In this paper we analyse the growth conditions of Au
and Co layers as a function of the type of substrates.
On the basis of reflection high-energy electron diffrac-
tion (RHEED) and Auger electron spectroscopy (AES)
analyses, supported by the topography measurements at
various scan sizes, performed by use of atomic force
microscopy (AFM), the thermally-induced evolution of
the Au/Co/Au sandwich structure is described.

2. Experimental details

The Au/Co/Au sandwiches were grown in a molec-
ular beam epitaxy (MBE) system with the vacuum level
in the range of 107" torr. Glass and sapphire wafers
with orientation (11-20) buffered with a Mo layer were
used as substrates. Co and Mo were evaporated from
electron guns and Au from effusion cells at the rates
lower than 0.5 A/s. All deposition processes were
performed at room temperature (RT). The bottom Au
layer, 200-A-thick, was grown either directly on the
glass substrate or on the Mo buffer (200 A) covering a
sapphire substrate. The shape of the Co layer was either
flat or wedge-like (obtained with the use of a linear
motion of the shutter) depending on a specific magnetic
measurement purpose. Its thickness range was between
0 and 25 A. The top Au layer was kept at 80 A in

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Table 1
Roughness o and correlation length £ parameters for Au and Co layers annealed at various temperatures
T 200-A Au 200-A Au ) )
°C) on glass on Mo buffer 8-A Co on Au 15-A Co on Au

o (nm) ¢ (nm) o (nm) ¢ (nm) o (nm) ¢ (nm) o (nm) £ (nm)
RT 4.30 87.1 0.46 64.2 0.18 86.3 0.20 169.2
170 3.75 83.7 0.17 125.0
200 5.13 1212 0.19 126.6
250 0.21 833 0.14 138.9
300 6.50 101.3 0.27 124.8

thickness. The crystalline structure of all grown layers
was characterised in situ by RHEED. The AES analysis
was carried out to check the chemical composition of
the layers and to estimate diffusion processes due to the
sample annealing. Ex situ AFM measurements (Nano-
scope IIT) in the Tapping mode were performed for
surface roughness investigations.

3. Results and discussion

The growth mode of the bottom Au layer is strongly
influenced by the substrate type. Au layers deposited on
glass wafers are polycrystalline, whereas the epitaxial
growth is obtained for sapphire (11-20) substrates. In
the latter case the RHEED pattern exhibits clear streaks
for all layers, typical of monocrystalline structure. The
Mo buffer deposited on the sapphire substrate has (110)
orientation. Such a buffer favours the growth of the Au
(111) layer. In spite of a large lattice mismatch, approx-
imately 14%, the Co layer deposited on Au exhibits
coherent growth in (0001) orientation. On the basis of
our analysis it is impossible to distinguish whether its
structure is fcc or hep type. The top Au layer grows
also in the (111) orientation—the same as the bottom
Au layer. The following relations between in-plane
directions of the constituent layers are found: sapphire
(11-20)/Mo(110): [0001]11[1-1-1], Mo(110)/
Au(111): [001]1i[1-10], Au(111)/Co(0001): [1-
10]11[11-20], Co(0001)/Au (111): [11-20](I[1-10].
The RHEED streaks for Mo ([001], [1-10] and [1-11]
directions) and Au surfaces ([1-12] and [1-10] direc-
tions) are sharp with distances between them as for the
bulk. These layers are relaxed and no strains on their
surface are present. In contrast, the Co layer behaves in
a different way. The RHEED streaks along [11-20] and
[1-100] directions are blurred and the lattice constant,
determined from the distance between them, varies with
the Co layer thickness. Due to a remained coherence
and large lattice mismatch in Co layers grown on Au
the existence of expanding strains is observed. Even for
15-A-thick Co layer the lattice constant is 3% higher
than for the bulk. The annealing of Co layers at 250 °C
leads to substantial strain relaxation. This phenomenon
is discussed further in the paper.

Because of the strong influence of the layer morphol-
ogy, determined by the growth conditions, on magnetic
properties, an unambiguous characterisation of the sur-
face roughness is required. For this purpose the scaling
theory for self-affine fractal surfaces was applied
[13,14]. The analytic form of a function for roughness
analysis is given as:

g(R)=207[1—exp(—(R/£)*")]

where R is a linear dimension of the analysed area; o,
calculated surface roughness; &, correlation length; and
H, Hurst dimension. For R< § the value of the corre-
lation function varies as g(R)~R?. Above the corre-
lation length (R>>§) the value of the function g no
longer scales with R and saturates at 20> The value of
the parameter £ may be attributed to the linear dimension
of islands.

The roughness dependence on the length scale was
investigated on the base of the AFM topography meas-
urements. The microscopic images, recorded with the
resolution 512X 512 pixels, were divided consecutively
by 4, 16, 64, 256, 1024 and 4096 non-overlapping
square tiles, covering the whole scanned area. The value
of g(R) was taken as the mean value calculated over all
tiles.

The calculated surface roughness o and the correla-
tion length £ are shown in Table 1. As mentioned earlier,
the growth mode was determined by the type of sub-
strate. Au layers deposited on a glass substrate are
polycrystalline. Typical three-dimensional growth
occurs. As a consequence the surface is very rough.
Consecutive annealing at temperatures in the range from
170 to 350 °C shows that the roughness has a tendency
to increase, similarly to the trend shown by the corre-
lation length, leading to the wider and higher islands of
the deposited material.

The quality of the Au layer morphology is substan-
tially improved by using the sapphire substrate buffered
with Mo. The deposition at RT results in Stranski—
Krastanov mode growth, typical of the (111) plane.
Atomically flat islands, approximately 80 nm in diame-
ter, with sixfold symmetry are observed (Fig. 1). The
fluctuation of the surface height is of the order of double
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Fig. 1. AFM image of the Au 200-A-thick layer as-deposited on the Mo buffer (left) and after annealing at 200 °C (right). The range of the grey

scale is 2 nm.

(111) plane spacing. Contrary to Au growth on glass,
the vacuum annealing of the Au layer deposited on the
Mo buffer improves significantly its morphology. The
temperature of 170 °C is high enough to reduce the
roughness more than twice (fluctuation of the surface
height is suppressed to single monolayer step height)

3.00

and increase the diameter of atomically flat islands by
the same factor. The annealing at higher temperatures
up to 600 °C does not affect the topography markedly.
It is worth to mention that even a small miscut of a
sapphire wafer might change the growth of the Au
bottom layer from the island-like to terrace-like mode.

} 2.00

1.00

Fig. 2. AFM image of the Co 15-A-thick layer as-deposited on the Au layer (left) and after annealing at 250 °C (right). The range of the grey

scale is 4 nm.
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Fig. 3. RHEED streaks acquired on as-deposited (left) and after
annealing at 250 °C (right) 8-A-thick Co layers. Before annealing
streaks are blurred, but single and correspond to the lattice constant
272 A. After annealing they are split revealing the lattice parameter
2.59 A and 2.83 A for outer and inner, respectively.

The evaporation of Co layers was performed at RT
on the bottom Au layer, previously annealed at 200 °C.
The surface of the as-deposited Co layer has the island-
like structure, similar to that for the annealed Au layer
(Fig. 2). Additionally, a weak structure of the island
surface is visible in the AFM image. The Co surface
roughness is comparable to that of the annealed Au
layers, but the correlation length takes different values
as the Co layer thickness changes. For an 8-A-thick Co
film the parameter & oscillates around 90 nm, whereas
for a thicker layer (15 A) it increases up to 170 nm.
Annealing at 250 °C for 45 min causes smearing of the
surface island structure. Their contours, although still
visible in the AFM image, are much less pronounced.
The annealing process does not affect markedly the
roughness of the thin Co layer whereas for the thicker
one it results in the surface smoothening as reported in
Speckmann et al. [4].

The RHEED pattern observation allows to investigate
the existence of strains due to the lattice mismatch of
both components of the sandwich. The surface lattice
parameter of the as-deposited 8-A Co layer is substan-
tially enhanced up to the value of 2.72 A, in comparison
to 2.51 A for the bulk. In a 15-A-thick Co layer the
strain relaxation is stronger, revealing the value of 2.59
A. Annealing of the Co layer performed at 250 °C
evidently affects its crystalline structure. For an 8-A-
thick Co film the splitting of the RHEED streaks occurs
(Fig. 3), being a proof of the lattice constant relaxation
to the values of 2.54 A and 2.84 A for Co and Au,
respectively. Surprisingly, such splitting is not observed
for 15-A Co layers. For this sample the lattice parameter
after annealing, measured by the distance between the
RHEED streaks, is equal to 2.83 A—very close to the
Au bulk value (2.88 A). On the basis of AES spectra
comparison from both as-deposited and annealed 15-A
Co layers, it is evident that Au behaves as a surfactant
giving rise to an increase of the AES signal for Au and
a suppression of the respective signal for Co.

Since Au and Co are mutually insoluble, the reverse
diffusion may take place after the annealing. Most
probably, due to the diffusion activated by annealing, a

non-continuous Au film appears on the surface of the
thin Co layer, whereas in the case of the thick Co film,
it is fully covered with Au. Moreover the coherence
between Au and Co layers is lost, giving rise to the
relaxation of strains. This is compatible with the evolu-
tion of Co surface morphology, monitored changes in
the RHEED pattern and the Auger electron spectrum
after the annealing of the samples. Thus it is reasonable
to expect that the annealing lowers substantially mag-
netoelastic contribution to the magnetic properties of Co
layers. Magneto-optical measurements are in progress
and will be published soon.

4. Conclusions

The sapphire substrate buffered with Mo is ideal for
growth of smooth Au/Co/Au sandwiches. The anneal-
ing above 170 °C improves the flatness of the Au
surface—atomically smooth areas of a few hundred
nanometers in diameter occur. In the as-deposited Co
layers the expanding strains should result in the signif-
icant magnetoelastic contribution to magnetic properties.
The thermal treatment releases strains and the lattice
parameter relaxes. The Au acts as a surfactant appearing
on the top of the Co layer after annealing at 250 °C.
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Polarity selection process and polarity manipulation of GaN in MOVPE
and RF-MBE growth
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Abstract

The polarity-controlled growth of GaN on a sapphire substrate by metalorganic vapor phase epitaxy (MOVPE) and molecular
beam epitaxy (MBE) was demonstrated. The mechanisms for polarity reversion of GaN by TMAI preflow in MOVPE growth
and high-temperature deposited AIN intermediate layers in MBE growth were discussed based on the ‘two monolayers of Al’
model. The kinetic process of GaN polarity selection on a sapphire substrate, Al layers, and AIN surface was investigated by RF-
MBE growth. Reversing Ga polarity to N polarity could also be realized by nitridation of the deposited Al layers. These results
provided a comprehensive understanding of the effects of surface stoichiometry, growth temperature and N source species
(ammonia or N plasma) on GaN polarity. It was concluded that GaN tended to grow with Ga polarity which was kinetically
favorable on thermally cleaned sapphire substrates and Al-covered surfaces, the polarity conversion of GaN by TMAI preflow,
AIN intermediate layer or Al insertion layers relied on the fact that they provided an Al platform on which the subsequent
epilayer prefers to grow with Ga polarity. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Metalorganic vapor phase epitaxy; Molecular beam epitaxy; GaN; Polarity

1. Introduction

One of the main characteristics of GaN is its polarity
due to absence of symmetry center in the [0001]
direction. The morphologies and properties of the films
grown with Ga polarity and N polarity are quite different
because of the different growth mechanisms predomi-
nant on the two polar surfaces [1,2]. The large piezoe-
lectric and spontaneous polarization fields existing in
nitride devices allow a significant tailoring of the carrier
dynamics and optical properties. These effects can fur-
ther be used, for instance, to generate two-dimensional
carriers gases without modulation doping, and polariza-
tion enhanced Shottky barriers [3]. Theoretical calcula-
tion predicted that the polarity inversion domain
boundaries (IDBs) would not affect the near band gap
luminescence due to the absence of midgap electronic
states, and it was very recently observed that the
photoluminescence of IDBs was one order magnitude
higher than that of bulk GaN [4]. To explore fully the

*Corresponding author. Center for Frontier Electronics and Photon-
ics, Chiba University VBL, Chiba, Japan. Tel.: +81-43-290-3990;
fax: +81-43-290-3991.

E-mail address: yoshi@cute.te.chiba-u.ac jp (A. Yoshikawa).

potential functions and applications of II-nitrides, it is
necessary to understand and play with polarities.

Due to these interesting important features, intensive
research works have been conducted on the growth
behaviors of GaN with different polarities. Many factors
were reported to influence the epilayer polarities, such
as growth methods, buffer layer types, buffer layer
temperature, substrate nitridation, surface stoichiometry,
growth rate and so on [5-12]. So far, the related
mechanisms are not understood well. The effects of
polarity on GaN growth behaviors and properties, as
well as the factors controlling the polarity selection
process must be investigated in order to provide the
knowledge necessary for further improvement of film
crystal quality, and device performances.

Recently, we demonstrated  polarity-controlled
MOVPE growth of GaN by using trimthyl-aluminum
(TMAI) preflow [2], and developed a ‘three-step growth
method’ based on the polarity-control [6]. In this paper,
we present our extensive studies on the polarity selection
processes of GaN grown sapphire substrate by MOVPE
and RF-MBE. The related mechanisms for polarity
manipulation both in MOVPE and MBE growth are
discussed based on the ‘two monolayers of A’ model.
Realization of polarity manipulation is the first important

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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step toward exploring the super-functional optoelectronic
devices by utilizing the polarization effects of III-
nitrides.

2. Experimental

MOVPE growth of GaN was conducted at a chamber
pressure of 200 torr [2]. The substrate was first thermally
cleaned in H, ambient at 1100 °C for 10 min and then
nitrided in the ammonia gas flow of 1500 sccm for 90
s. Prior to the deposition of a GaN buffer layer on the
nitridated sapphire substrate, a TMAI preflow was intro-
duced to cover the surface with at least two monolayers
of Al at 550 °C, required to reverse the film polarity.
Then, a 20-nm-thick GaN buffer layer and 2.5-pum-thick
GaN epilayer were grown on nitrided sapphire substrate
at 550 and 1080 °C, respectively.

RF-MBE growth of GaN was carried out in a system
with attached coaxial ion collision impact scattering
spectroscopy (CAICISS) system. Active N was supplied
from Applied EPI Uni-bulb RF plasma cell. To investi-
gate the polarity selection process and polarity conver-
sion mechanisms of GaN, Al insertion layers and AIN
intermediate layers were used to manipulate the polarity.
The detailed growth process can be seen in Xu et al.
[71.

Polarities of GaN films were characterized by using
RHEED and CAICISS. The polarity of GaN as well as
the Ga/N polarity ratio was determined by comparing
the experimental spectra and the theoretically simulated
ones. The simulated CAICISS spectra with different N/
Ga polarity percentages are shown in Fig. 1. The polar
angle is defined as the one between incident ion beam
and sample surface.

3. Results and discussions
3.1. Polarity manipulated growth of GaN by MOVPE

The CAICISS spectra of the samples grown without
and with the TMAI preflow supplied for 2 s, 5 s, and
10 s prior to the low temperature buffer layer deposition
are shown in Fig. 2a—d, respectively. GaN epilayer
polarity can be identified by comparison of the measured
spectra with the simulated spectra. It is shown that GaN
films grown on the nitrided sapphire without TMAI
preflow have N polarity, whereas GaN films grown
using a TMAI preflow above 5 s possess Ga polarity.
The sample with 2-s TMAI preflow time was mainly N-
polar and a few-percentage of Ga-polar, i.e. mixed
polarities. Anyway, it was found that TMAI flow prior
to buffer layer deposition could dramatically convert the
film from N polarity to Ga polarity.

Surface morphologies of the samples grown with
different TMAL preflow time are shown in Fig. 3. The
surface of GaN film with 2-s TMALI preflow showed

100% N polar

70% N polar-30% Ga polar

50% N polar—50% Ga polar

T ¥ 1 T 1

30% N polar-70% Ga polar

100% Ga polar

] v ¥ v T v ] M 1

0 20 40 60 80 100

Polar angle (deg.)

Fig. 1. Simulated CAICISS spectra of GaN with different Ga polar
and N polar percentage. The spectra are Ga signal intensity depend-
ence on the incident angle of He ion in GaNy, 5 azimuth, the accel-
erated voltage is 2 kV, penetration depth is 10 A.

still the hexagonal facets likewise the sample without
TMAI preflow (0 s). However, the morphology of GaN
films with TMAI preflow exceeding 5 s was dramatically
changed into a flat surface.

The correlation of the TMAI preflow time and the
resulting Al layer thickness is crucial to understand
above experiment results. We have grown AIN by the
MBE method. With very good reproducibility, after 400
cycles of growth at 1100 °C with the TMAL supply time
of 2 s and a flow rate of 5 wmol/min, cross-sectional
field-emission scanning electron microscopy (FE-SEM)
measurement showed that AIN layer thickness was
approximately 90—105 nm. Since one monolayer of AIN
is 0.2489 nm, 2-s TMAI supply with a flow rate of 5
pmol/min corresponded to a monolayer AIN growth.
In Fig. 3, Al layer thickness formed by 5-s TMAI
preflow in a flow rate of 5 pwmol/min was estimated
approximately at 2—2.5 monolayers. The polarity inver-
sion structure was schematically shown in Fig. 4. We
termed it as a model of ‘two monolayers of Al’. From
the point of view of structure, two monolayers of Al are
necessary and also sufficient to complete the conversion
from N polarity to Ga polarity. The kinetic process of
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Fig. 2. CAICISS spectra of MOVPE grown GaN with different TMAI

preflow times. Ga signal intensity dependence on the incident angle of

He™, were recorded in GaN,, s0 azimuth: (a) grown without TMAI preflow, N polarity; (b) with TMAI preflow of 2 s, mixed polarity; (c) TMAI

preflow of 5 s, Ga polarity; and (d) TMAI preflow of 10 s, Ga polarity.

GaN polarity selection with Al insertion layers will be
discussed in Section 3.3.4.

3.2. A new three-step method MOVPE growth for high-
quality GaN epilayers based on polarity manipulation

A new three-step method has been developed to grow
high-quality GaN epilayers based on polarity manipula-
tion. The first step consists of substrate nitridation and
growth of a thin AIN layer by the migration enhanced
epitaxy method. Up to date, a number of experimental
studies have been conducted to understand the nitrida-
tion processes. AIN could be formed on sapphire sub-

o PATAT pre-flow: 0 aee i TMALpre-Now: 2 sec

——————

i
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) TMAL pre-flow: 10 sec

——
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Fig. 3. Nomarski optical photographs of GaN films grown for different
TMALI preflow times: (a) 0's, (b) 2 s, (c) 5 s and (d) 10 s. The
surface morphology of GaN films was changed into a flat surface by
TMAI preflow periods exceeding 5 s.

strate during nitridation, with the thickness of a
nanometer scale depending on temperature and N
sources. This will greatly improve the alignment of GaN
or AIN crystal axis orientation on sapphire substrate,
and decrease the relative rotations and tilts of crystal
axis inside the nucleation layer. The thin, MBE-grown
AIN layer was expected to inherit the sapphire substrate
crystallinity and extend the high crystallinity from the
nitridated sapphire substrate into the GaN layer.
Afterwards, the TMAI preflow and buffer layer were
introduced to solve cracking and improve the surface
morphology; this is the second step. TMAI was inten-
tionally introduced to reverse the N polarity of AIN to

GaN with
Ga polarity

Ingerted I
Al layers

sapphire
surface

Nitridated I

[0001]

[1210] [1010]

Fig. 4. A schematic model to illustrate the effect of TMALI preflow on
GaN polarity.
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Fig. 5. AFM images of Ga polar epilayers grown with three different
methods: (a) with conventional two steps, (b) with nitridation and
TMAI preflow, and (c) grown with the three-step method.

the Ga polarity of GaN. The GaN buffer layer thickness
was 20 nm.

The third step is epilayer growth at high temperature
of 1080 °C. The ramping process from buffer deposition
temperature to epitaxial temperature was executed in
two steps, first with lower ramping rate below 900 °C,
and higher ramping rate from 900 to 1080 °C.

The detailed mechanisms about the three-step growth,
have been discussed in Yoshikawa and Takahashi [6].
As a comparison with the other growth methods, we
show typical AFM images of GaN grown under the
identical conditions but different methods in Fig. 5. Fig.
5a shows the sample grown by the conventional two-
step method. The dark points correspond to the threading
dislocations with a screw-type Burgers vector (pure
screw or mixed), they reveal higher degree of relative
tilts among the column structures. After applying nitri-
dation to the sapphire substrate, the alignment of GaN
columns on the substrate was improved, as shown in
Fig. 5b, resulting in lower density of dark points. The
Ga polar growth of this sample was realized by intro-
ducing TMAI preflow before low-temperature buffer
layer deposition. Fig. 5c is the typical morphology of
the GaN epilayer grown by the three-step method. Long
growth steps without termination was observed, indicat-
ing a significant improvement to epilayer quality.

3.3. GaN polarity selection process and polarity manip-
ulation in RF-MBE growth

3.3.1. Polarity of GaN grown on sapphire substrate

CAICISS spectra of GaN grown by RF-MBE on
nitridated and non-nitridated sapphire substrates are
shown in Fig. 6a,b. By comparing with the simulated
results, we knew the film grown on extensively nitridat-
ed sapphire substrate was not 100% N polarity, but the
estimated Ga polarity was below 5%; while the GaN
epilayer grown on non-nitridated sapphire substrate was
of well-defined Ga polarity. This result showed that,
even the chemical activity of N supplied from RF plasma
was very high, Ga polarity was favorable on the ther-
mally-cleaned sapphire surface regardless of source sup-
ply order. Therefore, we could not simply refer RE-MBE
grown GaN as N polarity.

o

0 20 40 60 8 100
Polar angle (deg.)

Fig. 6. CAICISS spectra of GaN grown by RF-MBE: (a) on exten-
sively nitridated sapphire substrate; and (b) on non-nitridated sapphire
substrate.

The thermally-cleaned sapphire substrate was usually
terminated by Al in an ultra-high vacuum. In following,
we investigated the effect of Al deposition on GaN
polarities.

3.3.2. GaN polarity manipulation by Al insertion layer
during RF-MBE growth

Fig. 7a shows the CAICISS spectrum of the GaN
film which was grown on nitridated sapphire substrate
but with 1-ML Al insertion during the epilayer growth.
The signal is very complicated at a low angle. This may
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Fig. 7. CAICISS spectra of GaN: (a) 1-ML Al deposition during
epitaxy; (b) 2-ML Al deposition for two times during epilayer growth.
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be caused by the excess Ga coverage on the real surface.
According to the peak shape from 60 to 80° in Fig. 7a,
it was found the film was mixed-polarity, and the
spectrum was close to the simulated one assuming 30%
Ga polarity. For the sample grown with 2-ML Al
deposition, the measured CAICISS spectrum was similar
to Fig. 7a, but the Ga polarity percentage increased to
approximately 70%. Following this, we tried the 2-ML
Al deposition two times during the epitaxy. After 20-
nm GaN growth on the first 2 ML of Al, the second
deposition of 2-ML Al was done. The corresponding
CAICISS spectrum is shown in Fig. 7b, it is clear that
polarity of the epilayer was completely changed to the
Ga one. Thus it has been confirmed that 2-ML Al
coverage is necessary and also enough to reverse N
polarity to Ga polarity. Logically, if 2 ML is not enough,
the polarity will not be changed regardless of the
deposition times. The yield of approximately 30% Ga
polarity by 1-ML Al deposition is thought due to 2-ML
Al islands formation. The yield of approximately 70%
Ga polarity was attributed to the fact that the surface
was not fully covered by 2-ML Al uniformly even the
mean thickness of deposited Al layer was 2 ML.

We have also tried to reverse Ga polarity to N polarity
by using Al insertion layer. It was shown that a much
thicker Al layer and much stronger N plasma are
necessary to complete the polarity conversion. Thus,
80% N polarity was yielded after 5-min nitridation to
the 30-ML-thick Al layer with a N plasma condition of
500-W RF-power and 1.2 sccm N, flow rate. Evidently,
the selection of N polarity on the surface featured with
metal-like bonds was kinetically unfavorable.

3.3.3. RF-MBE growth investigation on GaN polarity
inversion mechanism by high-temperature deposited AIN
intermediate layer

In the third group experiment, GaN polarity selection
on the AIN intermediated layer was investigated. The
N-polarity GaN epilayer was grown at 820 °C with N
plasma condition of 300-W RF-power and 0.8 sccm N,
flow rate, corresponding GaN growth rate was 0.7 pm/
h. Under this N plasma condition, a Ga flux as high as
2.5 A/s was needed to realize the pseudo-two-dimen-
sional growth and this was also the upper limit for the
Ga flux to avoid the Ga droplet. The AIN intermediate
layer was grown by different methods. As stated above,
the Al flux was fixed at 0.5 A/s for all experiments in
this paper. We could switch GaN growth to AIN inter-
mediate layer growth by simply closing the Ga shutter
and open the Al shutter while keeping the N plasma
condition the same. Accordingly, AIN was grown under
the N-rich condition by this method. The CAICISS
spectrum of GaN with a 20-nm-thick AIN intermediate
layer grown under the N-rich condition is shown in Fig.
8a; it is a well-defined N-polarity spectrum. In situ
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Fig. 8. CAICISS spectra of GaN: (a) GaN grown on AIN without N
shutter modulation, i.e. under N-rich condition; (b) GaN grown on
AIN with N shutter modulation.

RHEED monitoring confirmed that 20 nm of AIN can
completely cover the GaN surface under the above
growth condition. This result shows that the AIN inter
mediate layer grown under a N-rich condition will not
change the polarity of the GaN epilayer.

Therefore, it has been found that the high-temperature
deposited AIN layer itself could not convert N polarity
GaN to Ga polarity. The surface stoichiometry of AIN
during the growth is a critical point.

As a further investigation, even though both Al and
N flux are kept the same as stated above, if the N
shutter is modulated during AIN growth while the Al
shutter is kept open, the Al/N ratio is adjusted to above
unity. The polarity of the GaN epilayer grown under
this condition could be perfectly changed to Ga polarity,
as shown in Fig. 8b. In this growth method, the N
shutter operation was modulated by 4 s open and 6 s
close. The 6-s close of the N shutter allowed approxi-
mately 1.1 ML of Al deposition. In order to investigate
why the Al/N ratio affects the polarity of GaN grown
latter on, we examined the effect of AIN surface stoi-
chiometry on GaN polarity. In the case that the AIN
intermediate layer was grown under the same nitrogen-
rich condition mentioned above, we did excess Al
deposition before starting GaN growth on AIN at 820
°C. The Al deposition time was 12 s, corresponding to
2.2-ML coverage. The resulting GaN epilayer was prov-
en to be Ga-polarity. The experimental results suggest
that excess Al coverage on the AIN intermediate layer
was crucial to reverse N polarity to Ga polarity by the
AIN high-temperature intermediate layer.
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Fig. 9. Polarity selection process of GaN on the Al layer.

3.3.4. Kinetic process of GaN polarity selection on the
Al layer

The GaN polarity selection process is schematically
shown in Fig. 9. Since bonding energy between Al and
N is higher than that between Ga and N, the polarity of
GaN grown on the Al covered surface depends on
bonding configuration among Al and N when Ga and
N species arrive at the surface. If the N atom takes
position A, Ga polarity occurs; if the N atoms take
position B, N polarity occurs. STM characterization and
theoretical calculation showed that Ga atoms in the GaN
surface would form metallic bonds which were only
slightly weaker than those formed in bulk Ga, coherent-
ly, we think the Al adlayer on the GaN surface may
form much stronger metallic bonds than Ga atoms. For
N atoms entering position B, it needs the cooperation
among three Al atoms, therefore, N polarity is kinetically
unfavorable on the Al covered surface. However, due to
the high ionicity of II-nitrides, the growing epilayer
tends to keep its polarity. To reverse Ga polar to N
polar, much thicker Al-layer coverage and stronger N-
plasma irradiation are necessary, which will be reported
later.

4. Conclusions

Polarity manipulation of GaN on sapphire substrates
both in MOVPE and MBE growth has been demonstrat-
ed. Polarity selection processes of GaN on nitrided, non-
nitrided sapphire substrates, Al layers, and AIN
intermediate layers were investigated. Results showed
that, Ga polarity was kinetically favorable on thermally
cleaned sapphire substrates and Al covered surfaces.
Polarity conversion from N polarity to Ga polarity could
be seen by Al insertion layers, and vice versa. GaN
polarity reversing mechanism by AIN was also clarified.
It is suggested that the polarity conversion of GaN by
AIN or Al relies on the fact that they provide an Al

platform on which the subsequent epilayer preferred to
grow with Ga polarity.
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Abstract

Epitaxial layers of SiGe(C) have entered mainstream Si processing—forming base regions in heterojunction bipolar transistors.
There are also exciting prospects that SiGe(C) could impact MOS technologies. In both cases heteroepitaxial layers enable very
significant performance enhancements at device and circuit level. A related area and a familiar hot-potato is silicon epitaxy for
device active regions in MOS technologies—where tightly controlled doping distributions can be incorporated to facilitate device
function at deep submicron channel lengths. CVD is a preferred epitaxy deposition technique for production—currently LP-CVD
and UHV-CVD dominate. Each of these techniques demand much of the technology and have their respective strengths and
weaknesses. Issues regarding matrix and doping control, uniformity, blanket and selective area growth and throughput (a sensitive
area) will be addressed. Also in the CVD portfolio is LEPE-CVD—a recent contender for the production arena which has the
facility of being able to access very high deposition rates as required for example in depositing relaxed buffer layer material
required as ‘virtual substrates’ for higher Ge content layers. SS-MBE, traditionally the favourite technique for research, also has
distinct possibilities for development as a production tool. Here the issues relate primarily to throughput and system design, and
(surprisingly) matrix profile control. These techniques will be outlined and reviewed along with issues which determine their
development as the competition hots up in epitaxy, and as more complex and high Ge content structures are needed to progress
Si technology to new performance heights and application areas. © 2002 Elsevier Science B.V. All rights reserved.

Keywords:  SiGe epitaxy: Layer growth techniques; Device technologies

1. Introduction

Epitaxy is playing an increasingly significant role in
Si microelectronics. CMOS integrated circuits (ICs) are
fabricated in Si ‘epi’ and advanced bipolar junction
transistors (BJTs) have epitaxial base regions. An impor-
tant recent development has been the entry of the SiGe
heterojunction bipolar transistors (HBT) into the pro-
duction arena—devices which significantly outperform
Si BJTs, and which demand much of the epitaxy process,
with z control of matrix and dopant concentrations down
to nanometre dimensions. The addition of C to the base
region to suppress B diffusion adds a further dimension
on epitaxy growth and control.

The SiGe devices are fabricated using near conven-
tional Si processing techniques, and crucially, in the
case of SiGe BiCMOS, have to be processed alongside
Si CMOS circuitry, again putting demands on the epi
process. There is also an intriguing possibility that SiGe
can similarly be used to enhance MOSFET device
performance, and epitaxy may also find a role in

*Corresponding author.
E-mail address: t.j.grasby @warwick.ac.uk (T.J. Grasby).

defining high resolution dopant structures required in
advanced sub 100 nm CMOS technologies.

In this paper we review the approaches being made
in production environments to fabricate SiGe(C) epitax-
ial device structures and consider what further develop-
ments are possible in this exciting and challenging area.

2. Chemical vapour deposition

Chemical vapour deposition (CVD) is currently being
used, almost exclusively, by process engineers as the
growth technology for SiGe(C) heterojunction device
material. CVD has been used for over two decades for
Si epitaxial growth—generally a few micrometres of
material for CMOS ICs. CVD techniques have been
developed over this time to yield today’s sophisticated
single-wafer tool, currently operating with 8 inch wafers
but a 12-inch capability exists.

CVD depends on thermally-induced chemical inter-
actions at the Si wafer surface as a means of depositing
epitaxial material (see Fig. 1). Suitable mixtures of so-
called precursors (source gases) containing atoms of
interest are carried (usually with H, carrier gas) over
the Si wafer [1]. Crucial operating parameters include

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Reactants +
carrier gas (H,)

impurities

dopants 0,

Fig. 1. Schematic representation of the thermally activated chemical decomposition of incident precursors, leading to growth of SiGe:C by the
LP-CVD process. Impurities shown are unintentional but can influence growth at low temperatures.

wafer temperature, pressure and flow rate and purity of
the gaseous mixture. The challenges presented by Si
heterostructures require additionally the ability to incor-
porate very abrupt compositional changes in this process
and over the last decade this has led to the cold-walled
low pressure (LP)-CVD variant being developed where
pressures are reduced typically from 100s to 10s of torr
pressure, and growth temperatures from typically 950
650 °C.

2.1. S§iGe(C) LP-CVD

Si/Si, _,Ge, is essentially a strained layer technology
and this requires lower growth temperatures than used
in Si homoepitaxy to preserve strain and to suppress
development of elastic relaxation processes, enabling
highly planar structures to be grown. Temperatures of
approximately 650 °C are used for the growth of x=0.2
structures. In this regime the growth rate becomes
temperature limited (see Fig. 2), allowing source gas
(typically SiH, and GeH,) pressures to be reduced and

°C
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Fig. 2. Temperature dependence on the Si growth rate for different
precursors/gas flow rates during the LP-CVD process, indicating an
activated decomposition process for growth temperatures (7) <800
°C. The insets show flow rate limited growth at high T and temper-
ature limited growth at low TG,

to thereby minimise disruption in the growth arising
from turbulence. However, because sharp interfaces are
generally required high flow rates (carrier gas+ source
gases) are used to enable rapid changes in the compo-
sition of the gas over the wafer to be achieved.
Operating in this regime, however, has a downside.
Growth rates are low with implications on throughput
and because we are acting with an activated decompo-
sition process, growth rate depends critically on temper-
ature (see Fig. 2). At 650 °C a change of 1 °C will
alter the deposition rate by ~ 10%—well outside the
specification demanded by process engineers! The wafer
temperature therefore has to be highly reproducible and
highly uniform across the wafer-demanding complex
heater technology designed just to heat the wafer and
its holder (susceptor), sophisticated temperature meas-
urement system and operational procedures. Temperature
measurements down to these low temperatures have
proved to be difficult, and currently wafer temperature
is monitored (rather than directly measured) by either
pyrometers or thermocouples mounted in the susceptor

Pyrometer

"t

Pre-processed
Si wafer

Susceptor

Pyrometer

v

Fig. 3. Schematic representation of the sample susceptor, showing
differences in susceptor to wafer temperature with time, due to coating
of the susceptor and emissivity changes and possible temperature var-
iations in the reactor.
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Fig. 4. Interdependence of growth rate and Ge fraction—further com-
plicated in the presence of dopants for various deposition
temperatures.

which holds the wafer (see Fig. 3). As all heating is
accomplished by radiation, changes in the emmisivity
of the wafer holder and surrounding infrastructure which
can occur during deposition, means that this is at best
only an indicator of wafer temperature. This situation is
further complicated by actual temperature changes on
the surface of the grown layer-induced by emmisivity
changes produced by compositional changes in the
growing layer or changes in surface topography or
arising from any pre-processing carried out on the wafer.

It is thus evident that a considerable amount of
process development is required in LP-CVD reactors—
very iterative in nature—to yield a prescribed heteros-
tructure  design. These procedures are further
complicated by the interdependence of the deposition
rates at the surface-for example, deposition rates of 650
°C are reduced by Ge for x up to 0.05 and then decrease
quite dramatically with increasing value of x (see Fig.
4). It is a tribute therefore that Osten and co-workers at
IHP have developed a process involving source gas
methyl/silane, to yield C concentrations of 10'%-10%
cm~?* in a B-doped SiGe base of the HBT, to suppress
B diffusion [2].

Also as growth temperatures are reduced it becomes
increasingly difficult to maintain clean deposition con-
ditions. Water and oxygen (especially) in the back-
ground ambient produce oxidation followed by
desorption as volatile SiO. As temperatures are reduced
significant reductions in background contamination pres-

sures are required to maintain an oxide-free surface, so
procedures have to be developed which minimise such
oxidation (Fig. 5). This is especially difficult at the
wafer cleaning stage, which involves a high temperate
bake (between 700 and 900 °C) usually in the presence
of hydrogen to generate a clean surface, and exposure
to the background ambient before growth can be com-
menced leads to some oxidation of the surface.

Process development is the ‘Achilles heel’ of the LP-
CVD process, especially as there is always pressure to
keep throughput (wafers per hour) at acceptable levels.
Wafer cleaning procedures are being developed to
increase throughput and maintain wafer cleanliness prior
to epi deposition. With wafer temperature excursions
(e.g. cleaning — deposition) time has to be allowed for
wafer temperatures to settle with obvious penalties on
throughput. Good practise in LP-CVD also entails clean-
ing the reactor before the next wafer is introduced-
involving pushing HCI through the system, again with
throughput implications. This leaves the system cleansed
of previously deposited material to facilitate reproduci-
ble temperature measurement and eliminate memory
doping problems. However, once the entire process has
been developed, LP-CVD reactors offer the industry
very reliable and reproducible ‘blanket’ (i.e. covering
the entire wafer) SiGe(C) layer growth, with long
campaign lengths, a material quality second to none and
with layer thickness control demonstrated down to ~ 1
nm for x=0.2 (see Fig. 6).
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Fig. 5. Temperature dependence of H,O and O, pressures required to
maintain an oxide free surface.
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Fig. 6. Bright field cross-sectional (XTEM) micrograph of multiple
quantum well (QW) structure for Ge fraction (x)=0.2 grown by LP-
CVD (showing ‘state of the art’ highly planar (1 nm resolution)
interfaces).

Selective epi growth (SEG) in silicon ‘windows’
defined usually by SiO, patterns is a very challenging
adaptation of the LP-CVD process—but can have sig-
nificant processing advantages. This is achieved by
adding gaseous HCI to the gas mixture, but selectively
imposes further limitation of the process ‘window’. SEG
is a hot research topic in several large institutions.

2.2. UHV-CVD

In the late 1980s Berni Meyerson of IBM developed
a radical new approach to the growth of Si/SiGe
heterostructures. The underlining philosophy was that
since very close control of heterointerfaces is required
to yield high resolution compositional profiles, slow
growth rates are indeed desirable, so that low tempera-
ture deposition must be confronted [3]. Meyerson chose
550 °C as the temperature, giving Si growth rates of
~0.3 nm/min, with wafers immersed in a hot-walled
(wafer temperature—wall temperature) furnace, giving
highly uniform temperature across the wafer (Fig. 7).
The growth pressure is also an important parameter to
be considered, bearing in mind that in order to meet
acceptable throughput levels, batch processing was
essential with a large number of wafers (up to 35)
required to meet throughput demands. The growth
(total) pressure was reduced to very low levels—10~>
torr to reduce unwanted silane chemistry reactions and
crucially, to ensure a uniform material supply to the
closely spaced wafers through molecular transport proc-
esses that occur at these pressures. Two other develop-

ments are necessary to reduce background gas pressures
to UHV levels so that clean surface and deposition
conditions could be ensured. An ex-situ wafer cleaning
process was also developed involving H termination of
surface bonds to dramatically reduce oxidation, and
enable the generation of clean surfaces at 550 °C.

UHV-CVD technology is used primarily by IBM and
yields exceedingly high quality and highly uniform
heterostructure layers with throughput acceptable to a
BiCMOS production line at IBM.

2.3. LEPE-CVD

With HBT devices the strained heterolayers are grown
directly on the Si wafer. However, full exploitation of
the Si/SiGe technology requires substrate templates with
lattice constants between Si and Ge to set the strain
condition and also allow higher Ge content structures to
be grown. Such substrates are termed ‘virtual substrates’
(VSs) and are fabricated by growing fully relaxed SiGe
layers on the Si wafer. There have been several
approaches to produce optimum VSs and the most
studied is to gradually grade the Ge composition from
0 up to the desired value (y) over several microns of
material—this produces a well relaxed VS. However, a
cross-hatch topographical structure usually develops on
the surface as a consequence of dislocations interacting
and is detrimental to the overgrowth of high quality
active structures. Recently CMP processes have been
developed which smooth out the VS.

A very recent development in CVD especially rele-
vant to VS production, is low energy plasma-enhanced
(LEPE-CVD) [4]. With this version of the CVD process,
deposition takes place on a wafer immersed in an argon
plasma and where with the biasing is such that argon
ions impinging the substrate do no significant damage.
The ions, however, modify the surface reaction chemis-
try to yield dramatically increased deposition rates—

UHV ‘ P ~1073 Torr |

= L]

|

M

T=550°C

Fig. 7. Schematic of the ‘hot wall’ UHV-CVD reactor. The low pres-
sure of gases ensures uniform material supply over the wafers by
molecular flow. ) .
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Fig. 8. Si growth rate dependence on the Silane flow for LEPE-CVD
using a plasma arc current of 60 A at a growth temperature of 550

“C—indicating dramatic enhancement compared to conventional
CVD.

approximately 100 times faster than conventional CVD
at 550 °C (see Fig. 8).

LEPE-CVD has been able to produce high quality
VS structures with very smooth surfaces in ~ 10 min as
opposed to ~hours needed in LP-CVD, with corre-
sponding economic implications. This opens up the
possibility of using VS as the starting wafer (possibly
with CMP) and with growth of the active heterostruc-
tures by another technique (e.g. LP-CVD). A further
intriguing development by von Kanel at ETH (Zurich)
has been to reduce (by deflection) the plasma density
at the substrate and thereby back-off the deposition rate
in LEPE-CVD to approximately 0.1 nm/s, allowing
active layer (~8 nm thick) deposition on the freshly
grown VS. Already, very high quality Si p-channel
MOSFET device structures have been fabricated in
material grown using such an approach (Fig. 9).

2.4. Role of SS-MBE

The question arises, particularly pertinent to this
conference, does solid source (SS)-MBE have any
significant role to play in Si/SiGe heterostructure pro-
duction? MBE is viewed by the Si industry as a good
research tool, but with its UHV operating conditions,
and the limited source supply (re e-beam evaporation
sources), the industry considers that it is not process-
friendly or able to reach throughputs levels needed in
production.

As the growth temperatures in CVD are reduced,
however, to accommodate strain layer growth, deposition
rates quickly fall off and the 6-30 nm/min available in
SS-MBE start to look respectable. In addition, because
MBE is a physical deposition process the deposition
rate of all components and deposition temperature are
decoupled. This is certainly a considerable attribute
when developing processes, and unlike CVD, MBE is
easily capable of delta layer deposition and also of high

Fig. 9. Cross-sectional (XTEM) dark field micrograph of a p-channel
MOSFET structure grown by LEPE-CVD. The virtual substrate (VS)
was grown at a high deposition rate (~15 min)—plasma density
reduced for channel region to obtain high interfacial definition.

Ge content (0.4<x<1) layers (e.g. see Fig. 10) which
may well be needed in future HBT devices and SiGe
MOSFETs. Mechanical flux shutters allow for exceed-
ingly precise control of deposited material. The demands
placed on substrate temperature are much less stringent

irfaze

Fig. 10. Cross-sectional (XTEM) bright field micrograph of a SiGe
superlattice grown by SS-MBE showing alternate 1 nm Si-Ge layers.
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Fig. 11. Ge secondary ion mass spectroscopy (SIMS) profiles show-
ing how H™* surfactants can be used to suppress Ge segregation in
SS-MBE.

than in CVD, leading to a much simpler heater system
and temperature stabilisation regimes. However, there
are some growth temperatures where segregation of
matrix and dopant species (Ge, B, Sb) can be more
prevalent than in CVD and this could be restrictive,
although procedures are being developed which reduced
segregation to CVD levels [5] (Fig. 11). A further issue
is that with the current technology only approximately
15% of the evaporated Si and Ge fluxes are used for
layer growth on the wafer, the remainder deposited over
the system infrastructure. This excess material then

would réQuire proper management if it is not to lead to
particle contamination of the system and the wafer [6].

3. Conclusions

In this review we have attempted to address the
critical issues for epitaxy technologies as epitaxy
becomes an exceedingly significant process in Si micro-
electronics. Without doubt variants of the CVD process
seem to have a secure future. Once the process has been
developed it really comes into its own—with long-term
campaign times, high reproducibility and high material
quality. In LP-CVD, the principal tool in the field, the
critical dependence of deposition rates on growth tem-
perature, means that careful management of the system
is required to maintain reliability of layer specifications.
UHV-CVD, with its hot-wall reaction chamber allows
wafers to be immersed in a thermal enclosure giving
excellent uniformity and quality. However, great
demands are placed on both these techniques as new
structures are needed to continually improve device
performance. It is possible that new precursors will
become available to improve deposition rates at low
temperature. LEPE-CVD, a relative newcomer to the
field, may well prove to be of great significance for low
temperature deposition and a full appraisal of these
techniques is eagerly awaited. Some radical develop-
ments in SS-MBE technology will be needed before
that could be considered to enter the production arena.
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Abstract

We examined the critical layer thickness (CLT) of mismatched epitaxial layers and strained heterostructures. Samples consisting
of In,Ga, _ As/InP and In,s,Al, ,sAs/In,Ga, _«As/Iny 5, Al, ;sAs/InP were grown on InP substrates by metalorganic vapour phase
epitaxy (MOVPE). The atomic force microscopy (AFM) was used to observe misfit dislocation generation. When the layer is
buried in the heterostructure, its critical layer thickness increases. Our investigations have shown how many times this value may
be exceeded in chosen technological conditions. A model was proposed, which explains difference between CLT of InGaAs with

free surface and CLT of buried InGaAs. Heterostructures mentioned above were employed for producing InAlAs/InGaAs/InP
HEMT transistors. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Metalorganic chemical vapour deposition; Atomic force microscopy; Lattice parameters; Stress

1. Introduction

Ternary alloys are of increasing interest for both
electronic and optical devices, such as heterojunction
bipolar transistors, high electron mobility transistors,
high-speed switching lasers, solar cells. Much work has
focussed on the In,s,Ga, ,As alloy because it can be
grown lattice matched to the InP substrate. The use of
mismatched epitaxial layers allows much greater free-
dom in designing heterostructure devices with desired
characteristics.

If the lattice mismatch between the epilayers and
substrate is small and the layer is thin, the mismatch is
accommodated by strain in layer. In the case, when the
mismatch or the layer thickness is increasing, the for-
mation of misfit dislocation at substrate—layer interface
is energetically favourable. However, lattice relaxation
via misfit dislocation degrades the structural, electrical
and optical epitaxial layer quality.

The point at which misfit dislocation starts to form is
called the critical layer thickness (CLT), dc. Although
several theories have been proposed to predict critical
value [1,2] in their work most authors [3,4] based on
Matthews and Blakeslee model. Following equation

*Corresponding author.
E-mail address: jasik_a@sp.itme.edu.pl (A. Jasik).

arises from their model and it describes critical layer
thickness [5]:

b(1 —vcos’a)
d(.=[ln%+1J (1)
27022 (1 + v)cosh
a

where: b=% is Burgers vector, a is the lattice constant,
V
v is the Poisson ratio, o is the angle between the
dislocation lines and its Burgers vector, X is the angle
between the slip direction and that direction in the layer
plane which is perpendicular to the line of intersection
of the slip plane and the interface, and A_aff = Q“T& is
P

the lattice mismatch.

Several groups [6,7], however, reported exceeding of
the critical value obtained from Eq. (1). Besides, it
follows from a strain compensation technique, which is
often used to reduce net strain [8], that critical layer
thickness with free surface has to be smaller than the
CLT of the buried one. Experimental investigations of
these differences were realised.

We studied critical thickness of covered layer and
layer with free surface using atomic force microscopy
as a characterization tool. In this paper we show that
In,Ga, _ ,As layer with 1.3% lattice-mismatch in spite of

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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exceeding the critical layer thickness defined by
Mathews and Blakeslee, can be used as a pseudomorphic
channel layer in HEMT structures. We measured, by the
Van der Pauw method, not only the channel layer lattice
relaxation but also electrical parameters of HEMT struc-
tures with different channel thickness.

2. Experiment

Heterostructures were grown by low pressure meta-
lorganic vapour phase epitaxy LP-MOVPE on semi-
insulating (100) InP:Fe substrates. A horizontal quartz
reactor (AIX 200) and IR heated graphite susceptor
were used. Trimethylgallium (TMGa), trimethylindium
(TMIn), trimethylaluminum (TMALI) and arsine AsH,
phosphine PH; were used as IIT and V group elements
precursors with palladium-purified hydrogen carrier gas.
During the structure growth, the reactor pressure and
temperature were maintained at 100 mbar and at 650
°C, respectively. The V/III ratio was unchanged and
amounted to 172. Samples were divided in to two groups
(there were four samples with different InGaAs thick-
nesses in these groups): with free surface and covered
by InAlAs layer. The first group consisted of (from
bottom to top) an undoped InP buffer on InP:Fe sub-
strate and an In,Ga, _,As strained layer (x=65%). The
second group of samples consisted of HEMT structures.
An undoped InP buffer layer was first grown on InP:Fe
substrate. A 10 period Ings3GagrAs/Ings,AlgasAs
superlattice and 10 nm Ing5;Al, 4sAs layer were subse-
quently deposited as the buffer. Finally, an Ing 6sGag35As
channel layer (with different thickness’ between sam-
ples), 4 nm In, 5,Aly 43As spacer, delta-doping Si donor
layer and 20 nm Ing 5,Al, 4As Schottky layer terminated
the structure growth. In order to measure electrical
parameters of these structures by the Van der Pauw
method, the contact layer was not deposited. Growth
interruptions of approximately 10 s were used at the
interfaces between the InggsGagssAs channel and
Iny 5,Aly45As layers to provide sufficient time for the
growth surface of the channel layer to become smooth.
It resulted in an improvement of interfaces quality and
high electron mobility [9].

The growth rate of mismatched layer is equal to r=
5.87 A/s. It was determined by two techniques: second-
ary ion mass spectrometry (SIMS) to record the Ga
element depth profile and a profilometer to measure of
this value.

The structural properties of an IngesGag;sAs mis-
matched layer with free surface and covered by an
Inys,Alg4gAs layer were investigated by atomic force
microscopy (AFM). AFM observations were made in
air at room temperature with a Digital Instruments
Nanoscope TIT using large field head. The investigation
of sample surfaces allowed us to notice the onset of

misfit dislocation generation, which correspond to the
experimental critical layer thickness.

3. Results and discussion
3.1. Samples with free surface of InysGag 3sAs layer

The Iny ¢sGag 3sAs layers with various thickness (234
A, 702 A, 1034 A, 125 A) were characterised by
AFM. Fig. 1 shows AFM images of strained (a) and
relaxed (c) Ing ¢sGagy3sAs layers surfaces with different
thicknesses (intermediate variant was missing).

The surface of the strained Ing¢sGag3sAs layer has a
regular and straight monolayer step (two-dimensional
growth mode). The average interstep distance is 200 nm
and surface roughness is 3.5 A (Fig. 1a). With increas-
ing layer thickness, two-dimensional islands growth
mode succeeded in two-dimensional growth, what is
shown on the grown surface (Fig. 1b). As the thickness
increases further, the elastic strain energy builds up to
the point, where it becomes energetically favourable to
form misfit dislocation at the interface. Finally, at a
thickness of 125 A, misfit dislocation lines can be seen
on the layer surface (Fig. 1c). Hence the experimental
critical layer thickness is equal to 100 A for
IngsGag 3sAs layer, while the critical value evaluated
from Mathews and Blakeslee Eq. (1) is 68 A. Tt is
approximately 1.5 times greater than theoretically pre-
dicted, but it is too small to use this layer as an active
range in HEMT structure (because of carrier confine-
ment) with various thickness of Ing¢sGagssAs channel
(60 A, 120 A, 180 A, 235 A, 470 A). However, several
authors [9,10] have reported excellent properties of
electronic devices from heterostructures with In-
Ga,_,As and InAlAs layers exceeding Mathews and
Blakeslee limit and experimentally determined the value.
To investigate these discrepancy, HEMT structures with
various thickness Ing ¢sGag 3sAs layer as a channel were
grown.

3.2. Samples with covered In ssGay 35As layer

Surfaces of HEMT structures with various thicknesses
of Tng,sGagssAs channel (60 A, 120 A, 180 A, 235 A,
470 A) were observed using AFM. Selected images are
shown in Fig. 2.

In Fig. 2a,b a strained heterostructure case is shown.
The thickness of channel layer is above the Mathews
and Blakeslee limit and is equal to 180 A. Straight,
parallel terraces with width and step high of 342 nm
and 4.3 A (in measured point), respectively, are shown
on this sample. Surface roughness is approximately 1.5
A. The relaxed structure with a 235 A channel InGaAs
layer is shown in Fig. 2c. Misfit dislocations appeared
at the interface and dislocation lines can be seen on the
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Fig. 1. AFM image of In, .sGa, 1sAs layers surface with their different thickness: (a) 23.4 A, (b) 103.4 A. (c) 125 A.

sample surface. The critical channel thickness covered
by InAlAs layer was determined as an average value
between thicknesses in strained and relaxed cases. It
equals 200 A and it is three times greater than the value
predicted by Mathews and Blakeslee theory and twice
greater than experimentally specified thickness of
strained InGaAs layer with free surface. To explain these
discrepancy, a model, schematically presented in Fig. 3,
was proposed.

Elementary cells of strained In,Ga,_ As layer mis-
matched to the InP lattice, covering InAlAs layer and
InP substrate are illustrated by different size squares.

In a non-distorted state (Fig. 31I), the lattice parameter
of a covered InAlAs layer a.,, equals to one of substrate
(buffer) as and it is smaller than lattice constant of a
strained In, ¢sGa, 35As layer.

In a coherent lattice state, in heterostructure layers
interact forces, which are proportional to their thickness.
We make an assumption that the lattice substrate does
not deform because of its greater thickness than one
layer.

The interaction between the covering layer and the
mismatched one boils to the extent of covering materials
lattice and to compress net of the mismatched layer
(Fig. 3II). As a result of this interaction, lattice mis-
match between a substrate InP lattice and strained
InysGay1sAs layer covered and compressed by
Ings:Aly 45As layer results in being smaller than lattice
mismatch one without covering Ing 5,Aly s3As layer,
(Fig. 31T and 1). It is known that decreasing of a strain
in a material lattice, the critical layer thickness is
increasing.
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This model is working correctly beyond some thick-
ness of covering layer. Above this value, Ings;Alg4sAs
become to be an undeformable material.

Electrical parameters of HEMT structures were
obtained by Van der Pauw measurements and placed in
Table 1.

To make a comparison parameters of pseudomorphic
HEMT structures to parameters of HEMT with a
matched In, s3Gag4;As channel, the structure 955 was

grown. Not fully carrier confinement to an active region
is the reason for reduction of parameters beyond the
thickness of 18 nm. Degradation of lattice correctness
and larger contribution of an interface roughness in
carrier scattering cause decreasing electron mobility with
going up channel thickness. A 1090 HEMT structure
with the channel thickness equal to 18 nm has the best
electrical parameters. Above heterostructures were
applied for producing InAlAs/InGaAs/InP HEMT tran-
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Fig. 3. Schematic diagram describing the decrease of lattice mismatch as a result of interacting a strain layer with a covering layer.

Table 1

Electrical parameters of HEMT structures

N°p x Thickness Electrical parameters of HEMT structures

(%) (nm) ; 2 2 2
) Mypox (cm™2) Rk (cm® Vs=') nyg (em™2) ok (em? Vs—1)

955 53 20 2.22x10" 8179 2.37x10" 37898
1599 65 6 5.1x10" 2170 6.1x10" 18 998
1606 65 12 2.7x10" 6667 2.2Xx10" 43211
1090 65 18 1.9x 10" 9998 2.1x10™ 55 100
1607 65 23.5 3.3x10"” 5805 2.9x10" 41001
1608 65 47 2.1x10% 4059 2.0x10" 28756
Table 2

The critical thickness of strained In, 4sGa,, 15As layer

Layer The critical thickness of strained In-

06562, 25As layer (nm)

d.\“l dl'S d('S d('ﬁ/dMH
In  6:Gay, 1sAs 6.8 10.34 20.0 294

sistors. Their characteristics are presented in Nawz et
al. [10].

4. Conclusion

We have investigated the impact of covering InAlAs
layer on the critical thickness of strained InGaAs layer
grown by MOVPE on InP substrate. Using AFM, we
determined the critical thickness of InGaAs layer with
free surface and covered by a 25-nm InAlAs layer and
we compared with the Mathews and Blakeslee limit.
Obtained parameters are shown in Table 2.

The critical thickness of the strained Ing45Gag 35As
layer covered by InAlAs is approximately three times
greater (2.94 times) than the value obtained from the

Mathews and Blakeslee formula. To explain this dis-
crepancy, a model was proposed. The findings were

applied to growth of pseudomorphic InGaAs/InAlAs/
InP HEMT.
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Abstract

This work presents the investigation of MOVPE growth of silicon 8-doped GaAs and AlLGa,_.As epilayers and different
methods used for their characterisation. The influence of the growth temperature, SiH, flow rate and Al Ga, _,As composition on
8-doping characteristics is discussed. Properties of the Si 8-doped structures were examined using capacitance—voltage (C-V)
measurements, photoreflectance spectroscopy, micro-photoluminescence, micro-Raman and photocurrent spectroscopies. © 2002

Elsevier Science B.V. All rights reserved.

Keywords: MOVPE technology; 8-doping; C-V profiling; PR spectroscopy; 1-RS; p-PL; PC spectroscopy

1. Introduction

Delta-doping is a novel doping method which spa-
tially confines the dopant atoms to one or a few atomic
layers. This type of incorporation of dopant atoms into
crystalline structure of semiconductor material modifies
its electronic structure by bending the conduction or
valence band edges to form a V-shaped potential well.
The electrons (or holes) confined in this potential well
are regarded as a two-dimensional electron or hole gas.
Delta-doping is very attractive for application in
advanced semiconductor devices, such as HEMTs,
HBTS, resonant tunnelling diodes, quantum well infrared
photodetectors, homo- and hetero-nipi doped superlatti-
ces, modulators. Most of the delta-doped epitaxial struc-
tures are deposited by molecular beam epitaxy (MBE)
due to the low growth temperatures. On the other hand,
MBE growth of 8-doped structures above 600 °C results
in large dopant profile broadening caused by the Fermi-
level pinning-induced segregation [1,2]. This effect is
not observed in d-doped layers grown by MOVPE,
although the growth temperatures are usually between
650 °C and 750 °C, what is explained by hydrogen
surface passivation [1-3]. This work presents results of

*Corresponding author. .
E-mail address: sciana@wenif.pwr.wroc.pl (B. Sciana).

Si §-doping of GaAs and Al,Ga,_,As structures grown
by MOVPE and discusses different methods used for
their characterisation.

2. Experimental details

The following epitaxial test structures (type A, type
B) were grown by MOVPE on semi-insulated or n-Si-
doped GaAs substrates using an atmospheric pressure
AIX200 R&D Aixtron reactor:

A. Si 8-doped GaAs sample consisted of a 900-nm of
GaAs buffer layer followed by Si d-layer and a
150+ 160-nm GaAs cap layer; and

B. Si 5-doped Al,Ga, _,As (or AlAs) sample consisted
of a 250-nm GaAs buffer layer followed by a 200-
nm undoped Al,Ga, _,As (or AlAs) in the middle of
which the Si 8-layer was placed and a 32+45-nm
GaAs oxidise protection layer.

The TMGa, TMAL, AsH; and SiH, (20 ppm in H,)
were used as the growth and dopant precursors. High
purity H, was employed as a carrier gas. The substrate
temperature (7,) was in the range of 670760 °C for
3-doped GaAs and 760 °C for 8-doped AlLGa,_,As
(x=0.29, 0.34, 0.35, 0.46, 0.6) and d-doped AlAs
samples. The SiH, flow rate was changed from 10 to
100 ml/min. A basic 3-doping procedure ‘purge-doping-

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Fig. 1. The C-V profiles of Si 8-doped GaAs grown at: (a) 670 °C, (b) 700 °C. (c) 730 °C. (d) 760 °C.

purge’ was applied [1,2,4]. The obtained structures were
examined by C-V measurements using a mercury probe
and a HP 4192A impedance analyser (5 Hz+ 13 MHz).
Also photoreflectance, micro-photoluminescence, micro-
Raman and photocurrent spectroscopies were applied.

3. Results and discussion

3.1. Influence of the growth temperature and SiH, flow
rate on the sheet electron density and the width of
C-V profiles of Si 8-doped GaAs epilayers. Results of
C-V measurements

The influence of the growth temperature and SiH,
flow rate on the properties of Si 8-doped GaAs epilayers
was investigated. The main method used for determi-
nation of the electron concentration and broadening of
the dopant distribution in the obtained structures was
C-V measurement done at frequencies below 100 kHz.
The C-V profiles, presented in Fig. 1, were measured
for Si 8-doped GaAs epilayers (type A) grown at 670
°C, 700 °C, 730 °C and 760 °C (samples X107, X115,
X116 and X117, respectively). The SiH, flow rate was
100 ml/min for the all structures. The best results were
obtained for the Si 8-doped GaAs grown at 670 °C
(sample X107, Fig. 1a).

For this layer no diffusion broadening of the profile
was observed. The width of the C-V profile,
FWHMc_y=5.5 nm (determined by applying Gaussian
approximation) is comparable to the spatial extent of

the ground-state wave function z,=5.5 nm, calculated
from the following equation [1,2,5]:

7(4 ek '
Zp=2 _(_—8—) (1)

509 en, m*

where, ¢ is the semiconductor permittivity, e is the
elementary charge, n,, is the sheet electron density, m*
is the electron effective mass. Fig. 2 shows the depend-
ence of the sheet electron density and the C-V profile
widths of Si 8-doped GaAs (type A) on the SiH, flow
rate. The growth temperature was 670 °C, SiH, flow
rate was changed from 10 to 100 ml/min. The values
of z,, calculated from Eq. (1) for sheet electron concen-
trations above 10'> cm ™2, are also included.

For high values of SiH, flow rate (>40 ml/min)
saturation of the electron density is observed. It can be
explained by establishment of the equilibrium between
adsorption and desorption process of the active Si
species, autocompensation caused by incorporation of
Si atoms into As sites and/or formation of Si clusters
[2]. The values of FWHM__, are in a good agreement
with the calculated values of z,. The C-V profile widths
obtained for Si 8-doped AlAs and Alg 3sGa, ¢sAs were
broad (FWHM_,=12.4 and 29.6 nm, respectively) due
to the influence of thermal diffusion at high growth
temperature (760 °C) which was required for improving
the material quality.

3.2. Photoreflectance spectroscopy

Photoreflectance spectroscopy (PR) was applied to
the investigation of Si 8-doped epilayers. The experi-
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Fig. 2. Dependence of the sheet electron density and the FWHMc_y of Si 3-doped GaAs on SiH, flow rate.

mental set-up for these measurements has been described
previously [6]. The PR spectrum of Si 8-doped GaAs
(type A) is presented in Fig. 3. A lot of distinguished
Franz—Keldysh oscillations (FKOs) above the band gap
energy are seen, demonstrating the existence of a strong
uniform electric field in the very high quality epitaxial
layer. The observation of FKOs and application of fast
Fourier transform (FFT) allowed to determine the inter-
nal electric field F and the potential barrier height Vg
between the surface and the 8-doped region [7].

The following values were obtained for the investi-
gated Si 8-doped epilayers:

F=53 kV/cm, V3=0.74 V for GaAs (type A, T,=670
°C, Vsina= 100 ml/min); and

F=68 kV/cm, Vg=0.94 V for Aly35Gag¢sAs and F=
110 kV/cm; Vg=1.57 V for AlAs (type B, T,=760
°C, Vsina=100 ml/min.).

3.3.  Micro-photoluminescence —and  micro-Raman
spectroscopy

Micro-photoluminescence (wPL) and micro-Raman
spectroscopy (wRS) were used for determination of a
d-layer position and its spreading in Si 3-doped GaAs
structures. A beam of He—Ne laser (A =632.8 nm) was
scanned at room temperature along the bevelled struc-
ture, and change of PL (at A =870 nm) and the ratio of
intensities of transversal optical phonon (TO) and lon-
gitudinal optical phonon (LO) was detected. The diam-
eter of the spot was 1+2 pwm and 10 pm for RS and
PL, respectively. The bevels were prepared by chemical
etching [8], the bevel angle was approximately
6% 1077 rad. Fig. 4a presents dependence of PL along
the bevelled Si 8-doped GaAs structure (sample X105).
The presence of 3-layer makes the PL signal to increase

between 135 nm (point U) and 160 nm (point L) below
the surface. This is a spreading of the Si dopant. Position
of the middle point of 3-layer (145 nm from surface,
point D) corresponds to an inflex point of the depend-
ence. Based on the obtained characteristic we could
determine a dimension of a 8-layer, much like as in the
case of FWHM__y in C—V profiling. The half width of
a 8-layer (HWD) is defined as a distance between point
D on the bevel and the point, where PL intensity
decreases to 10% of the intensity in point D. The PL
intensity in the buffer layer (point L) is defined as zero.
The estimated value of HWD for sample X105 is 9 nm.
This sample was also examined by Raman spectroscopy
(Fig. 4b). The change of TO/LO ratio on the bevelled
structure is similar to the PL dependence in the bevel
length range 3+3.5 mm, where 3-layer is located. In
this case, the same procedure (as for the PL measure-
ments) of determination of HWD was applied and the
identical value of 9 nm was obtained. The position and
spreading of the 3-layer, determined by RS and PL for
sample X105, are in good coincidence with the values
obtained for this structure by the C—V measurements
(Pmax placed 157 nm from the surface, FWHM._,=8.6
nm).

3.4. Photocurrent spectroscopy

Photocurrent (PC) measurements were realised on
Au-Schottky contacts by illumination from the surface
side. The Schottky contacts were evaporated through
the metal mask. The diameter of the circular Schottky
contacts and distance between them was 830 and 185
wm, respectively. The ohmic contacts were prepared
before Schottky contacts deposition on one side of the
sample. Photocurrent spectroscopy of 8-doped samples
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is influenced by the electrical field introduced by a 8-
doped layer resulting in oscillation of the PC signal
above the band gap energy and by the interface on
GaAs substrate side (peak at 1.37 eV). The PC spectrum
of Si 3-doped GaAs (sample X105) is shown in Fig.
5a. The minimum of oscillations at 1.5 eV, correspond-
ing to 8-layer, shifts the position under bias voltage due
to the change of the electric field inside the structure.
In the case of the PC measurements of homogeneous n-
doped GaAs Schottky diodes, only the shift of the low
energy edge under bias voltage was observed.

The PC spectra of the Si 8-doped Al,Ga, _,As epilay-
ers with different Al content are shown in Fig. 5b (type
B structure; x=0.29, 0.34, 0.46, 0.6 for sample AX143,
AX148, AX149 and AX152, respectively). The present-
ed spectra show Al,Ga,_,As absorption edge and GaAs
absorption in the GaAs interface layer. The oscillations
of the PC signal above the band gap energy are not so
pronounced as in the case of Si 8-doped GaAs (Fig.
5a).

4. Conclusions

MOVPE technology and characterisation of the fab-
ricated Si 8-doped GaAs and Al,Ga, _,As are described.
The best results were obtained for Si 6-doped GaAs
structures grown at 670 °C, what was confirmed by
C-V, PR and PC measurements. These layers have the
narrowest C—V profiles (FWHM(_,~5.5nm), compa-
rable to the calculated spatial extent of the ground-state
wave function z,. They exhibit also the best PR spectra
and distinct oscillations of the photocurrent above the
band gap energy. The C-V profiles obtained for Si 8-
doped Al,Ga,_,As and AlAs are broader caused prob-
ably by the thermal diffusion at high growth temperature
(760 °C). The calculated values (based on PR spectra)
of the potential barrier heights Vj for Si 8-doped GaAs,
Alg3sGaggsAs and AlAs suggest that the Fermi level is
pinned at the middle of the band gap of the investigated
epilayers, what is in good agreement with previous

reports [9]. Micro-Raman spectroscopy and micro-pho-
toluminescence were successfully used for determination
of 8-layer position and its spreading in Si 3-doped GaAs
structures. The obtained results are in good coincidence
with C-V measurements. The presented investigations
are important for optimisation of MOVPE technology
of advanced semiconductor devices utilising Si 8-doped
Al,Ga;_,As/GaAs heterostructures as the active
regions. The study helped to evaluate suitable character-
isation methods such as C—V and PR measurements,
allowing fast, precise and non-destructive examination
of 8-doped device structures.
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Explanation of the initial phase change vs. incident angle of the RHEED
intensity oscillation
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Abstract

Reflection high-energy electron diffraction, which is a very widely used monitoring technique of molecular-beam-epitaxial
growth processes, has still some unexplained features. An interesting example of these, the so-called t3,2/T phenomenon, is
investigated in this work. The first period of the intensity oscillations of reflection high-energy electron diffraction shows a
singular behaviour. An interpretation for the initial change of the phase and of the period duration dependence on the incident
angle of the electron beam using the notion of surface coherence length is given here. This particular phenomenon is satisfactorily

explained in the case of a GaAs (001) surface. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Reflection high-energy electron diffraction; Molecular beam epitaxy; t;,,/T phenomenon; GaAs

1. Introduction

Reflection high-energy electron diffraction (RHEED)
is a widely used monitoring technique during molecular-
beam-epitaxial (MBE) growth. The reconstruction and
roughness of the surface can be observed by the RHEED
pattern. The intensity of the RHEED pattern oscillates
under appropriate conditions during the growth process.
One period of these oscillations corresponds to the
growth of one single monolayer (ML) in a layer by
layer mode.

RHEED patterns and its oscillations of intensity are
very complex phenomena. These effects can be used as
a versatile tool for in-situ monitoring of the epitaxial
layer growth, in spite of the fact that we do not know
many details of its nature. Several mechanisms of the
behaviours of RHEED oscillations are not yet under-
stood. For example, some of these problems involve
different phases of the specular and non-specular
RHEED beams [1], or differences in behaviour of the
oscillations in the case of III-V and II-VI materials
[2]. The description of these phenomena was attempted
by several authors. A thoroughly review of these models
is given in Joyce et al. [3]. The anomalies of the initial
phase of the RHEED oscillations, the so-called #;,,/T
phenomena, are investigated in this work. Making use

*Tel.: +36-1-392-2222 ext 3178; fax: +36-1-392-2235.
E-mail address: nemcsics@mfa.kfki.hu (A. Nemcsics).

of computer simulations we provide an explanation for
the initial phase shift.

2. The t;,,/T phenomenon in experiments

The initial period and the amplitude of RHEED
oscillations differ from what follows those seen after a
prolonged observation. Except for the first period, the
measured decay of the oscillations fits well to an
exponential function [4]. The incident electron beam
impinges on the surface with an angle between 0.7° and
3°. If the incident or the azimuthal angle are changed,
then the initial phase of the oscillations also changes.
The measured ‘rocking’ data for the specular spot
according to Resh et al. [1] and Joyce et al. [3] are
shown in Fig. 1. Data points were obtained by measuring
the time to the second minimum, so-called ts/,, and
normalising with respect to the period at a steady state,
T. These data are obtained vs. incident angle at two
different azimuthal directions for the GaAs (001) sur-
face. The temperature of substrate during growth was
600 °C [1] and 580 °C [3], respectively. The electron
beam energy (12.5 keV) was mentioned only in the
second reference [3].

3. Results and discussion
3.1. The notion of the surface coherence length

The simple kinematic theory [1] does not predict the
phase shift of the oscillations, which would additionally

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.

PIl: S$0040-6090(02)00314-0



A. Nemesics / Thin Solid Films 412 (2002) 60-63 61

17 T T 1

] o A [110] Ref.[3]

154=2P=—0Q O [010] Ref.[3]
Ay

v [110] Ref.[1]

ty /T

NO

N

0’70,4 06 08 10 12 14 16 18 20
INCIDENT ANGLE (Deg)
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the ratio of #;/,/T as a function of the incident angle of the electron
beam in [110] and [010] azimuthal directions of a GaAs (001) surface.
The data values originate from Resh et al. [1] and Joyce et al. [3].
The lines serve only as guides to the eye.

depend on the condition of the incidence of the electron
beam. The contribution of inelastic processes, such as
Kikuchi scattering, to the phase shift phenomenon is not
completely taken into account in this approach [1]. The
RHEED phenomenon is partly reflection-like and partly
diffraction-like. The effect of the phase shift is described
by noting the exact positions of the minima of the
oscillations. The detailed behaviour of the minima and
maxima of the oscillations can be explained also using
a geometrical picture, which will be employed also in
the present paper. Because the specular spot is not a
reflected beam, the interaction of the electron beam and
the target surface must be described quantum mechani-
cally. The glancing-incidence angle electron beam inter-
acts with the surface over a relatively large area.
However, the reflected—diffracted information obtained
does not come from the whole of this area. The
interaction between the surface and the electron beam
occurs only under special conditions, therefore, we need
to consider the notion of surface coherence length (w).
Beeby [5] introduced the quantum mechanics definition
of this quantity. Here we briefly point the major steps
introducing this quantity.

However, now we have supposed that the surface
coherence length w is of the same order as the coherence
length (A) of the beam [6]. In the above-mentioned
experiments the energy of the electron beam is in the
order of E=10 keV, corresponding to de Broglie wave-
length A=12.2X10~"2 m. The coherence length of the
electron beam A can be determined as [7]:

A

28/1+(AE/E)?

where B and AE are the angular spread and the thermal
width (i.e. the energy spread) of the electron energy of

the incident beam, respectively. The beam divergence
ranges usually between 10™* and 107> rad and the
energy spread is approximately 0.5 eV [8]. The spatial
width for the wave packet for highly collimated beam
can be estimated, to extend by: Ay=6.1 nm with these
values. Another estimate of the wave packet from
interference investigations gives 300 A [9]. In this way
we can obtain similar value of A,=3.7 nm for the wave
packet.

The spot size of the illuminating electron beam on
the surface (L) in the incident direction depends strongly
on the incident angle (a). If the cross-section of the
illuminating electron beam is b then the touching area
dependence on incident angle can be expressed by the
following simple trigonometrical function L=b/sina.
This dependence is very strong in the vicinity of an
incident angle of 1°. Therefore, we can suppose that the
surface coherence length depends on the incident angle
and is described by a similar function (A =w/sina) [6].

3.2. The size of characteristic growth terraces

The relation between the domain size (s) and the
surface coherence length (w) in the case of a polycrys-
talline surface was investigated in Beeby [5]. This
concept can be applied in our case if we consider,
instead of domains, identically oriented growth units (or
growth terraces). An estimate of the characteristic
dimension of a growth terraces can be made from
experimental data. The terrace average width (s) and
the migration length of Ga (1) depend on the substrate
temperature. The RHEED oscillations are present if [<s
and absent if />s. In our case the migration length is 7
nm because the substrate temperature is 580 °C [3].

The binding energy on the (001) surface in the
directions [110] and [110] is different, which can be
explained with the different dangling bonds in different
directions [4]. This anisotropy is manifested in the
different growth rates. The growth rate in the [110]
direction is larger than that in the perpendicular direction
[10]. This anisotropy is apparent not only in the growth
of the crystal but also in the etching (i.e. during
decomposition of the crystal). This factor can be esti-
mated with the help of etch-pit shapes (see Fig. 4 in
Nemcsics et al. [11]), where the ratio of the sides of
the rectangle shaped pits is a factor of approximately
2.4. Here is supposed that the growth rates in the [110]
and [110] directions differ by a similar amount (see Fig.
2).

3.3. Initial phase dependence on the incident angle

It is supposed that the surface coherence length and
the average terrace width have similar dimensions at
glancing-incidence angles (w=s), because the touching
length of the electron beam (assumed to be the same
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Fig. 2. The left side of the figure shows view of one island with lattice
nodes in the growth mode! consisting of islands of PX P (P=4) ter-
races of NXN (N=36) lattice sites, where the relation between the
terrace dimension and surface coherence length is illustrated. The right
side illustrates the ratio of r,/r  , if the observation direction changes
towards [110] and [010].

as the surface coherence length) changes very abruptly
at angles less than 1° and in this region the function
t3,2/T is constant, since w>s (see Fig. 1). The relation
of the surface coherence length and average terrace
width is changed with the changes of the incident angle.
If the incident angle increases, the surface coherence
length becomes smaller than the average terrace width
(w<s), so and thus the reflected—diffracted information
comes from only a part of the average terrace.

The polynuclear growth model in the two-dimensional
case was used for our calculations [12]. The simplified
picture takes into consideration diffraction contributions
only from the topmost ML and the RHEED intensity is
taken as proportional to the smooth part of the surface
top layer [4]. The computing model assumes NXN
lattice sites in a PX P growth terrace (Fig. 2) [1,6]. The
relation between the terrace size and the area of the
surface coherence is shown in left side of Fig. 2. It is
clear that the information supplied about the probed
surface area decreases with an increasing incident angle
of the beam. The different crystallographic directions
mean different growth rates. Here the ratio of r(,q/
riig are estimated to be 2.4. The oscillations were
computed for two different ratios of r,/r, , where r, and
r, are the growth rates for the observation direction
parallel to the electron beam and perpendicular to it,
respectively. Thus, the assumed value of the ratio in the
case of the beam along [110] is 2.4. The ratio in the
[010] direction taken as 1 (see right side of Fig. 2). The
calculated oscillations in the case of both ratios can be
seen in Fig. 3. Perfect layerby-layer growth was
assumed in the calculation, so only the actual top
monolayer was investigated. The calculated function of
t3,2/T vs. the azimuthal angle in the two different
directions is plotted in Fig. 4. The growth time for one
complete ML in the two different directions is the same
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<038 'c’g D H) —o—o,=10 ||
% 07 ,”A '” ~0—0,=125° | |
80.5 §§A —8-ay=15 | |
Oos
00 05 10 15 20 25 30
NORMALIZED TIME (t/T)
W oo
<0’8 éﬁ —0—q,=1° L__
(1] \ B -
w 0,7 % L -—0—02—1,25° | |
8 06 ] L] | A =18 | |
Oops

00 05 10 15 20 25 30
NORMALIZED TIME (YT)

Fig. 3. The computed oscillations at different incident angles. The
symbols [J, O and A mean incident angles of 1°, 1.25° and 1.5°,
respectively. The change of incident angle means that the reflected-
diffracted information comes from 100%, 80% and 60% of the terrace
area, respectively. The upper part of the figure shows the case of
r/r, =2.4 and the lower part shows r,/r, =1.

(T), but the phase is different (t3/,) because of the
anisotropic growth rate. These curves correspond very
well to the measured ‘rocking’ data in Fig. 1. If the
surface coherence length is larger than the average
terrace width then the f;,,/T ratio remains constant
(with the value is determined by the r,/r, ratio). If the
surface coherence length is smaller than the average
terrace width, then the ¢5,,/7 ratio decreases also.

The behaviour of 15,,/T vs. incident angle was inves-
tigated for glancing-incidence angles, under 1.8°.
Our model describes the incident angle dependence of
t3,2/T in this range only. In real situations, the diffract-
ed-reflected electron beam gets information not only
from the topmost ML, but a larger incident angle causes
also a larger penetration depth. The description of this
phenomenon at larger incident angles probably can be

16
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Fig. 4. The computed 1,/,/T ratio vs. incident angle in different crys-
tallographic directions (in the case of r,/r, =2.4 and r,/r, =1).
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improved by considering more MLs below the surface
during the growth process.

4. Conclusion

The phenomenon of the initial phase variation of the
RHEED intensity oscillation is explained here with the
help of the concept of the surface coherence length. The
surface coherence length corresponds to the surface area
probed by a coherent beam, which changes with the
incident angle of the beam. A geometrical description
was used for the interpretation. Our explanation is
demonstrated by a computer simulation. The demonstra-
tion was carried out in two different crystallographic
directions, where a realistic estimation was made con-
cerning the ratio of the crystal growth rates. The calcu-
lations were carried out with a discrete lattice node
arrangement. The topmost ML was taken into account.
The calculated curves for the decay of the oscillations
correspond very well with the measured ‘rocking’ data
in the investigated range.
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Abstract

This article provides a general review of the epitaxial lateral overgrowth (ELO) technology and of application of ELO layers
as substrates with adjustable value of lattice constant. In particular, the issues of ELO growth mechanism. substrate defect
filtration during ELO procedure and strain in ELO layers will be addressed. Recent literature data on MOVPE ELO growth of
GaN on sapphire and our results on lateral overgrowth of GaAs on GaAs and Si substrates by LPE are used as examples. Finally,
other lateral overgrowth techniques (growth of lattice mismatched bridge layers and pendeo-epitaxy) will be presented and
compared with the conventional ELO technique. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Lateral overgrowth; Lattice mismatched epitaxy; Epitaxial lateral overgrowth; Pendeo-epitaxy

1. Introduction

Very often there are no suitable substrates for lattice-
matched epitaxy of semiconductor structures. In such
case a buffer layer with graded or abrupt composition
profile is usually deposited on available substrate to
obtain the layer with required value of lattice constant.
However, despite sophisticated methods of buffer layer
engineering, density of dislocations threading to the
surface of the buffer from its interface with a lattice
mismatched substrate is often too high for device appli-
cations. Therefore, the lateral growth techniques have
been developed to avoid propagation to the epilayer of
dislocations present in the buffer layer. Epitaxial lateral
overgrowth (ELO) is a method of epitaxial growth on
a partially masked substrate [1]. Prior to the ELO
procedure a suitable relaxed buffer layer is grown on
the substrate. Then, the structure is covered by a thin
masking film and patterned by conventional photoli-
thography to form on its whole area a grating of mask-
free seeding windows (Fig. 1a). Finally, an epitaxial
layer is deposited on such substrate. The epilayer nucle-
ates selectively on the seeds and the growth proceeds in
the direction normal to the substrate. As soon as the
crystallisation front exceeds the top surface of the mask,
the growth in lateral direction over the masking film

E-mail address: zytkie@ifpan.edu.pl (Z.R. Zytkiewicz).

starts (Fig. 1b). The adjacent ELO stripes coalesce to
form a continuous epilayer if enough growth time is
given. The main advantage of this approach is that the
buffer dislocations are blocked by the masking film and
can propagate to the ELO layer through a narrow
window in the mask, only. Therefore, the laterally grown
parts of ELO layers (‘wings’) should be nearly defect-
free despite a high density of threading dislocations
(marked as TD in Fig. 1) in the underlying structure.
As will be presented below, there are many experimental
data showing high efficiency of defect filtration in
epitaxial laterally overgrown semiconductor structures.
Thus, the ELO method, when combined with well
elaborated techniques of buffer layers engineering, is a
promising tool to grow high quality epilayers on avail-
able lattice mismatched substrates. Then, required value
of lattice constant is obtained by controlling composition
of the buffer, while dislocations introduced during relax-
ation of its lattice mismatch with the substrate are
filtered during subsequent homoepitaxial lateral over-
growth. In this way new semiconductor substrates with
lattice constant different from that of available bulk III-
V crystals can be generated allowing for epitaxy of a
new class of high quality semiconductor structures
required by modern opto- and microelectronics. The
recent breakthrough in development of long lifetime
GaN/InGaN blue lasers, being due to the high efficiency
of defects filtration during lateral growth, is the most

0040-6090/02/3 - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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[ substrate
buffer with TD
dislocations
(b)
ELO layers etch pits

substrate

Fig. 1. Principle of ELO procedure: (a) growth of relaxed buffer layer
followed by deposition of an amorphous masking film, photolithog-
raphy and etching of mask-free seeds (*‘growth windows"); (b) growth
of ELO layers starts selectively from the seeds. Then, the ELO layers
spread laterally over the masking film. TD are the dislocations thread-
ing to the surface of the buffer. The respective etch pits are visible
on ELO surface over the seeds, only.

spectacular recent achievement of the ELO technique
[2].

Two main fields of interest can be easily distinguished
in the published reports on ELO research. These are
lateral overgrowth of GaN epilayers on sapphire or SiC
substrates and ELO of ‘traditional’ III-V compounds
(e.g. GaAs or InP) on silicon substrates. This choice
apparently results from the market demand for novel,
low cost semiconductor devices. Therefore, vapour
phase growth of ELO GaN and liquid phase epitaxial
lateral overgrowth of GaAs will be used as examples in
this review to illustrate the basic phenomena that take
place in ELO structures. It will be shown that some
general rules for growing of thin and wide layers,
efficient filtration of defects threading from underlying
buffer and impact of this process on structural and
optical quality of overgrown material, interaction of
ELO layers with the mask leading to downward wings
tilt and the ways this tilt can be reduced, relaxation of
thermal stress via wing tilting—all these phenomena are
similar in both cases despite fundamental differences
between the growth techniques used and different prop-
erties of materials grown. This clearly means that they
are not specific attributes of a particular ELO case but
must originate directly from the principle of the ELO
technique. Presentation of such general features of epi-
taxial lateral overgrowth is the aim of this article. In the
following sections the issues of ELO growth mechanism,
substrate defects filtration during ELO procedure and
strain in ELO layers will be addressed. Finally, some
other techniques of lateral overgrowth will be presented
and compared with the conventional ELO technique.

2. Mechanism of growth of ELO layers

Efficient ELO procedure requires large growth rate
anisotropy, i.e. the growth conditions are necessary at

which lateral growth of the layer is much faster than
that in the direction normal to the substrate. To benefit
from a natural growth anisotropy of various crystal faces
the ELO process should proceed at low supersaturation
[3]. Therefore, equilibrium growth techniques as liquid
phase epitaxy (LPE) or vapour phase epitaxy (VPE)
should be chosen, if possible, for lateral overgrowth.
Indeed, the ELO layers with the value of the aspect
(wing width/thickness) ratio as large as 70 are actually
grown from a liquid phase. Solution or melt growth of
group III nitrides is extremely complicated due to low
solubility of nitrogen in liquid metals. Therefore, meta-
lorganic VPE (MOVPE) or hydride VPE (HVPE) are
commonly used nowadays to grow ELO structures of
these compounds. However, large supersaturation at the
growing face makes control of growth anisotropy diffi-
cult, so lateral structures of GaN with an aspect ratio up
to 4 are obtained by MOVPE, only. Molecular beam
epitaxy (MBE) growth of ELO layers is even more
complicated as deposition of polycrystalline material on
the mask is hard to avoid [4,5]. Sophisticated systems
with molecular beams oriented at low angle to the
substrate, low growth rate and precise temperature con-
trol [6] or special substrate preparation and growth
procedures [7] are necessary to get growth started
selectively from the seed. There is no significant gas
phase diffusion during MBE growth, so lateral over-
growth must rely on the surface mobility of adatoms,
only. Therefore, even if growth selectivity is obtained,
the MBE grown ELO layers are usually very narrow
which makes their application in devices production
difficult.

Much is known already about the mechanisms active
during growth of ELO layers (see Nishinaga [3] and
Zytkiewicz [8] for a review). It has been shown that
shape of cross-section and the aspect ratio of the layers
can be efficiently controlled by choice of seeds orien-
tation. The basic idea is to find such orientation of the
seeding lines for which the side walls of the ELO layer
are covered by fast-growing planes, while the slowly
grown facet is formed on the upper surface. Then, the
requirement of large ratio of lateral to vertical growth
rates can be fulfilled [3]. For GaN on sapphire ELOs
the seeding windows are usually aligned along the (11—
20) or the (1—100) directions of GaN [9]. For LPE
growth of ELO layers on (100) GaAs or InP substrates
seeding lines with directions slightly rotated relative to
the (110) are commonly used [3]. Steps on the surface
supplied by substrate miscut or dislocations enhance the
vertical growth of ELO [8,10]. Therefore, additional
restriction for seeds direction appears on off-oriented
substrates. Then, from the optimal seed directions the
one must be chosen for which density of misorientation
steps inside the seeding area is the smallest [10]. For
the same reason dislocation density in the buffer must
be as low as possible to obtain ELO layers with a large
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Fig. 2. Scanning electron microscopy image of LPE grown GaAs on
Si ELO structure (a) and its plane view after etching in KOH to reveal
etch pits distribution (b).

value of the aspect ratio. Doping has been found as an
useful way by which the vertical growth rate can be
reduced, leading to thin and wide ELO layers. Indeed,
we have reported a significant increase of the width/
thickness ratio for heavily Si doped GaAs ELO layers
grown by LPE [11]. The effect has been explained as
being due to impurity induced retardation of surface
steps flow on the upper surface of ELO. A similar
phenomenon has also been found for Mg-doped GaN
ELO layers grown by MOVPE [12].

3. Filtration of substrate defects in ELO structures

Fig. 2a shows a scanning electron microscopy (SEM)
image of a cross-section of a GaAs ELO layer deposited
on silicon substrate. The structure consists of Si(100)
substrate with MBE grown 2-pm-thick GaAs buffer on
which the SiO, masking film has been sputtered. The
GaAs ELO layer was grown by LPE. Its width and
thickness are 85 um and 11 um, respectively. Other
growth details can be found elsewhere [13]. Fig. 2b
shows the plane view of the same layer after revealing
of etch pits by etching in molten KOH. It is noteworthy
that the density of etch pits on the buffer surface is very
high (~10° cm™2). On the contrary, in the ELO layer
only the dislocations threading from the buffer are
observed. As shown in Fig. 2b, these dislocations are
confined in a very narrow area above the seed. The rest
of the ELO layer is nearly dislocation free, which has
been additionally proved by studies of the layers with
the use of synchrotron X-ray topography technique [14].

This finding shows that the mechanism of substrate
defects filtration active during ELO procedure is very
efficient. Similar phenomenon is commonly observed in
all laterally overgrown semiconductor structures [3,15-
17].

The question arises if all the dislocations originally
present in the seeding area do reach surface of ELO
layer. Studies of GaN ELO structures by transmission
electron microscopy have shown that a large part of
dislocations threading from the buffer through opening
in the mask change their direction inside the ELO
material, so they propagate parallel to the substrate [18].
This change of the propagation direction prevents the
dislocations from crossing the film. Consequently, only
a part of dislocations from the buffer reach surface of
ELO layer. This phenomenon, together with blocking of
dislocations by the mask, results in much lower dislo-
cation density in ELO structures as compared with that
in planar buffer layers. The mechanism of bending of
TD dislocations in ELO layers is not fully understood
yet, although there are suggestions that the bending may
be closely related to the change of the growth front and
appearance of crystal facets at the very beginning of
lateral overgrowth [19]. Probably, stress present during
growth of the layers may play its role as well. Some of
dislocations threading from the buffer propagate through
the ELO without any change of their direction, so they
create a defected zone on the surface above the seed as
that visible on Fig. 2b. In GaN those dislocations are
aligned parallel to the c-axis (i.e. perpendicular to the
surface), so width of the defected zone does not change
significantly with the layer thickness. In many cases,
however (e.g. the case of GaAs on Si), TD dislocations
are of 60° type. Then, the defected zone width is
proportional to the layer thickness and, hence, the lateral
growth rate must be increased at expense of vertical
growth to obtain a large dislocation-free area of the
layer [20].

High crystallographic quality of ELO wings results in
their better optical properties than those of planar buf-
fers. As example, Fig. 3 shows a plane view of the
GaAs on Si ELO structure similar to that from Fig. 2a,
in panchromatic mode of cathodoluminescence (CL).

buffer ELO wing defected zone

Fig. 3. Cathodoluminescence image of LPE grown GaAs on Si ELO
structure from Fig. 2.
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Higher CL intensity from the wing as compared to that
coming out from the material grown vertically above
the seed, and even much higher than that coming out
from the buffer, is clearly visible. This is what should
be expected, as dislocations are known to behave like
centres of effective non-radiative recombination of excit-
ed carriers. Similar distribution of cathodoluminescence
intensity has also been observed across surface of GaN
on sapphire ELO structures [21].

An advantage of using ELO layers for epitaxial device
structures was first demonstrated by Nakamura et al.,
who reported in 1997 a multiquantum well InGaN/GaN
laser diode having a life-time longer than 1000 h when
deposited on GaN/sapphire ELO substrate [22]. Since
then the life-time of these diodes has been significantly
increased, so they are commercially available at present.
For a comparison, the same InGaN/GaN diodes made
on conventional sapphire substrates had worked for 300
h, only [23]. This remarkable improvement was due to
significant reduction of the threshold current density of
the laser diodes fabricated on low dislocation density
ELO substrates. Kozodoy et al. have shown directly that
the use of lateral overgrowth to eliminate dislocations
leads to better electrical properties of GaN p—n junctions
[24]. Reverse-bias leakage current was reduced by three
orders of magnitude for the diodes located on low-
dislocation density ELO wings. Moreover, large reduc-
tion of dark current and sharper cut-off have been found
for AlGaN solar-blind detectors fabricated on ELO
substrates [25]. The examples presented above are the
best evidence that application of ELO technology leads
to significant progress in development of high perform-
ance semiconductor devices made of lattice mismatched
epitaxial structures.

4, Strain in ELO structures

ELO layers are of much higher quality than the
reference planar structures but they are not free of strain.
In particular, there is a question about strain induced by
the mask itself and/or its possible interaction with the
overgrown layer. Moreover, the lattice mismatch and
thermal strain induced by different thermal expansion
coefficients of subsequent layers and the substrate may
result in large deformations of the layers. Although in
real heteroepitaxial ELO structures all these phenomena
are present together, for clarity of presentation in the
next section problem of interaction of ELO layers with
the mask underneath will be discussed first. Then, the
issue of thermal strain in ELO structures will be
addressed.

X-Ray diffraction and topography techniques are com-
monly employed when studying strain in laterally over-
grown structures. Fig. 4 shows the typical geometry
used for measurements of X-ray rocking curves of ELO
layers. First, the rocking curve is measured for the

X-rays

i rotation axis
scattering ) otation a:

plane 2 4
L~ Awangle

ELO stripes

<«—— substrate

Fig. 4. Schematic of geometry used for measurements of X-ray rock-
ing curves of ELO samples. The scattering plane is defined by inci-
dent and diffracted wave vectors. ¢ is the angle between direction of
the seeds and the sample rotation axis during the  scan; ¢=0° for
the geometry shown.

sample position in which the scattering plane (defined
by incident and diffracted wave vectors) is perpendicular
to the seeding line direction. This corresponds to the
axis of sample rotation during the o scan being parallel
to the seeds (¢=0). Next, the sample is rotated around
the substrate normal and the rocking curve is measured
again for the scattering plane parallel to the seeds Ge.
for ¢=90°). As will be shown later, this procedure
allows to determine the most characteristic features of
the strain field in the samples.

4.1. Mask induced strain in ELO layers

Fig. 5 shows X-ray rocking curves of GaAs layer
grown by LPE on SiO, masked GaAs substrate (see the
source article for growth details) [26]. Both, the as-
grown sample and that cut from the same wafer and
etched to remove selectively the SiO, mask have been
studied. The rocking curves presented in Fig. 5a,b have
been measured with the @=0° and ¢=90° sample
orientation, respectively. As it can be seen from Fig. 5a
the rocking curve of the as-grown sample is very broad.
However, it becomes much narrower after the SiO,
mask has been removed. On the contrary, for ¢=90°
the rocking curve is quite narrow and etching causes
only a slight change of its shape (Fig. 5b). It is worth
mentioning that during rocking curve measurements the
X-ray diffraction is sensitive mainly to the distortion of
the (100) crystal planes in the scattering plane. There-
fore, the large width of the rocking curve shown in Fig.
5a indicates that a significant deformation of the as-
grown ELO takes place in the cross-section plane
perpendicular to the seeds. In principle, similar broad-
ening of the rocking curve could also be caused by
lattice mismatch and/or composition gradients inside
the structure. However, an analysis of reciprocal space
maps collected during diffraction experiments of the
same sample has ruled out such possibilities in our case
[27].




68

Z.R. Zytkiewicz / Thin Solid Films 412 (2002) 64-75

(a) =0° (b) =90°
0 9
10'F 4 10°
as grown —
@ a
g O,
;103 3 710 >
b—4 172]
@ etched c
()]
2 £
= £
=10} E 10°
10" 4 10'
1 L 1 " 1 1 1 J Pa—| 1 1 s | A 1 i 1

06 -04 -02 00 02 0
Aw angle [degrees)

4 06

-0,10

-0,056 0,00 0,05 0,10

Aw angle [degrees]

Fig. 5. Rocking curves of (400) CuKe, reflection from the as-grown (solid line) and etched (dotted line) GaAs ELO layers on the SiO-covered
GaAs substrate measured with the w axis parallel (a) and perpendicular (b) to the seeding lines.

We have postulated the following picture of strain in
GaAs ELO layers grown by LPE on GaAs substrates
[26]: the layers are under stress due to interaction of
ELO wings with the SiO, mask. This stress is below
the plastic flow threshold and accompanied strain,
responsible for downward tilt of ELO wings visible in
Fig. 6a, disappears when the SiO, mask is removed by
selective etching (Fig. 6b). Let us to point out that from
the shape of the rocking curve alone it is impossible to
say whether the ELO wings tilt upwards or downwards,
so additional experiments are needed to determine unam-
biguously the tilt direction. In our case, we did a series
of diffraction experiments in which a very narrow X-
ray beam was precisely moved in small steps across a
wide GaAs ELO layer [28]. Thus, measurements of
rocking curves from precisely defined regions of the
single ELO stripe were possible. By analysing the order
in which the side maxima appear while the beam is
moved across the stripe we have proved that the wings
tilt towards the mask surface. Moreover, the data
obtained by scanning X-ray diffraction experiments were
used to explain the origin of all the features visible on
the rocking curve in Fig. 5a. In particular, we have
proved that the side maxima are due to diffraction from
the edges of the ELO stripe. Therefore, the misorienta-
tion of ELO crystal planes must be the largest there.
Consequently, half of the angular separation of the side
peaks on the rocking curve can be used as a good
measure of the maximum tilt angle A®,, of ELO
lattice planes (see Fig. 6a).

We have studied the homoepitaxial GaAs ELO layers
by synchrotron X-ray reflection and transmission topog-
raphy techniques [14,29-31]. The data obtained fully
confirm the picture of strain in ELO structures shown
in Fig. 6. The topographs together with appropriate

numerical simulations have also been used to determine
quantitatively how the misorientation of ELO lattice
planes varies with position across the ELO stripe [30].
This procedure has led us to the conclusion that miso-
rientation of the ELO lattice planes increases much
faster near the centre of the ELO stripe than at the
edges. In other words, the curvature radius of (100)
lattice planes increases towards the edges of the ELO
layer, which is in very good agreement with the meas-
ured shape of the ELO surface. Such analysis of ELO
lattice planes curvature has allowed us to postulate that
bending of the ELO stripes starts at the very beginning
of growth when the laterally overgrown parts are thin
and flexible. Then, the bent crystal planes might be
reproduced during subsequent growth, although still
retaining their shape [30]. As will be shown later, this
is exactly the behaviour observed experimentally.

GaAs ELO layers

Si0; mask

[window/'

GaAs substrate

Fig. 6. Schematic drawing of the GaAs on GaAs ELO cross section.
The bending is shown in the as-grown state (a). The deformation of
crystal planes disappears when the SiO, mask is removed by etching
(b). A®,,, is the tilt of (100) crystal planes between the edge and
central part of ELO.
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Fig. 7. SEM (a) and CL (b) images of fully overgrown GaAs on
GaAs ELO structure. Defects are created at the coalescence fronts
where ELO stripes tilted in opposite directions merge.

Very broad X-ray rocking curves similar to that shown
in Fig. 5a are very often observed in various ELO
systems, which shows that tilting of ELO wings towards
the mask is a common problem in laterally overgrown
structures. In some cases (e.g. in GaN on sapphire ELO
structures) the values of the tilt angle A®, ., in excess
of 2° are reported [32]. So large tilts cannot be accom-
modated elastically, i.e. by the mechanism we have
observed in our GaAs/GaAs samples (see Fig. 5a and
Fig. 6). Indeed, cross-sectional transmission electron
microscopy studies of GaN on sapphire ELO structures
have revealed characteristic defects in the overgrown
region, which consisted of arrays of dislocations running
along the seed direction [33]. These defects, originating
from the bent TD dislocations propagating laterally in
the ELO layer, create low-angle tilt boundaries above
the edges of the SiO, mask.

Tilting of wings caused by their interaction with the
mask underneath creates significant problems for coa-
lescence of neighbouring stripes as they tilt in opposite
directions (see Fig. 6a). For example, Fig. 7a,b shows,
respectively, SEM and CL images of surface of fully
overgrown GaAs ELO layer deposited by LPE on SiO,
masked GaAs substrate. Creation of new defects at the
front of coalescence of tilted wings is visible. Similar
behaviour has been also observed for GaN on sapphire
fully overgrown ELO structures [33]. The image pre-
sented in Fig. 7b clearly shows how serious degradation
of ELO quality can be caused by tilting of laterally

overgrown parts of the layers. Therefore, there is a
widespread discussion in the literature on the origin of
tilting of the ELO wings and on the way it can be
reduced by controlling the growth parameters.

Fini with co-workers were the first who used X-ray
diffraction to observe the time evolution of lattice planes
bending in GaN on sapphire ELO layers [34]. The scans
in reciprocal space through the (10—13) diffraction
peak of GaN obtained in situ, during growth of the
structures by MOVPE are shown for various growth
times in Fig. 8a. Prior to epitaxy the central peak being
due to the diffraction from the GaN buffer is visible,
only. Emergence of the side maximum is evident for the
growth times ~100 s, and by ~300 s, distinct side
peaks have evolved indicating the wings tilt ~0.9°. Post
growth SEM studies of layer cross-sections have shown
that a significant lateral overgrowth started just at that
moment. The wing peak narrows during subsequent
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Fig. 8. Scans in reciprocal space through the (10-13) X-ray diffraction
peak obtained for various growth times during MOVPE growth of
GaN on sapphire ELO structures (a) and on cooling to room temper-
ature (b). The scans in (b) are shown over half of the range measured
(from Fini et al. [34]).
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growth while its position slightly changes, reaching a
tilt of ~1.19° after 3600 s of growth. The data collected
during this elegant experiment are direct evidence that
wing tilt must be due to interaction of the wing with
the mask and that it starts at the very beginning of
lateral overgrowth, in agreement with our earlier sug-
gestion [30].

Keeping this in mind, the following recipe for the
reduction of the mask-induced bowing of ELO layers
can be proposed: the initial vertical growth rate of ELO
must be increased to start the lateral overgrowth at some
microscopic distance from the upper surface of the mask
[28]. Then, the chance of ELO wings capture by
attractive force and their interaction with the mask
should be reduced. We have found several examples
that this recipe efficiently works in practice. In particu-
lar, we have shown that the GaAs ELO layers grown
on SiO, coated substrates are strain-free if their wings
hang over without any contact with the underlying mask
[35]. In the other cases, tilting of the wings can be
efficiently tailored by controlling the ratio of vertical to
lateral growth rates at the beginning of ELO growth.
This has been achieved by growing the GaAs ELO
layers on SiO,-coated GaAs substrates with increasing
density of dislocations. Then, the ratio of vertical to
lateral growth rates at the beginning of the growth was
increased due to the higher density of surface steps,
which in turn led to reduction of the mask-induced tilt
of ELO wings [28,35]. In the limiting case of heavily
dislocated GaAs substrates, namely on GaAs-coated Si
substrates, the vertical growth of GaAs ELO was so fast
that air-bridged structures without any interaction with
the mask were obtained [13]. Similarly, Fini et al. have
shown that the quality of coalescence of adjacent ELO
GaN stripes can be improved by forcing vertical devel-
opment of ELO stripes at the beginning of the growth,
followed by change of growth conditions and fast lateral
overgrowth of the structure [36]. This is exactly the
same recipe we have proposed.

Replacement of commonly used dielectric films by
other mask materials seems to be a promising way of
reduction of mask induced wing tilt. In particular, we
have found that that bending of the GaAs ELO layers
grown by LPE is negligible when the SiO, mask is
replaced by a thin graphite film [26]. We have explained
this finding by delayed start of lateral growth caused by
the change of the shape of the melt in the corner
between the side wall of the ELO layer and the mask
when the SiO, is replaced by graphite film not wetted
by the gallium melt [35]. Similarly, tungsten has been
found as promising mask material for MOVPE growth
of GaN ELO structures with very low tilt of the wings
[37]. In principle, however, it is difficult to predict a
priory the mask material that would be the most suitable
for each particular ELO case. Therefore, the most natural
way to eliminate the mask induced strain would be to
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Fig. 9. Rocking curves of (400) CuKa, reflection for the as-grown
(solid line) and etched (dotted line) GaAs ELO layer on the GaAs-
coated Si substrate measured with the o axis parallel to the seeding
lines.

grow the ELO structures with their wings having no
direct contact with the mask surface. The GaN air-
bridged ELO structures grown by Kidoguch et al. [38]
or our GaAs ELO layers with wings hanging over the
mask [35] are the best examples that this goal can be
achieved. Unfortunately, quite often the growth condi-
tions required for reproducible growth of such structures
are difficult to find.

4.2. Thermal strain in ELO structures

Additional deformation of ELO lattice planes may
arise when the sample, due to the different thermal
expansion coefficients of its components, experiences a
large stress upon cooling from the growth to room
temperature. This effect is commonly observed in planar
heterostructures. As will be shown below, in ELO
structures this strain can be relaxed via additional tilting
of ELO wings while still preserving their high quality.

Fig. 9 shows the (400) CuKa, rocking curve of the
GaAs ELO layer on the GaAs-coated Si substrate [13].
The scattering plane was set perpendicular to the seeds
in this experiment. As it is seen, the rocking curve
consists of two peaks which are separated by A® =216
arcsec. The whole rocking curve is so wide that presence
of ELO deformation similar to that observed by us for
GaAs ELO layer on GaAs substrate could be suspected.
For the GaAs on GaAs ELO system we attributed
broadening of the rocking curve to the bending strain
induced by ELO stripes adhesion to the SiO, mask.
Then, the tilt of wings disappeared after the mask had
been removed. As seen in Fig. 9, the situation is quite
the opposite for the ELO GaAs on Si-the separation of
the peaks increases (A® =250 arcsec) after removal of
the mask by selective etching. Moreover, analysis of
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Si0,
mask

Si substrate

Fig. 10. Schematic drawing of cross-section of the as-grown GaAs
ELO layer on Si substrate. The tilt of (100) ELO wings crystal planes
equals A®/2, where A® is angular separation of diffraction peaks in
Fig. 9.

layer cross-sections with the use of an optical micro-
scope has revealed a microscopic gap between the ELO
and the masking film. Thus, the mask induced bending
of lattice planes cannot explain the data obtained.

We have performed X-ray diffraction experiments
with a narrow X-ray beam moved across the single ELO
stripe to show that two peaks visible in Fig. 9 are due
to the diffraction from the wings [13]. It is noteworthy
that the full width at half maximum of each peak equals
to 94 arcsec only, which is much smaller than that of
the MBE grown GaAs buffer (435 arcsec). This result,
together with an analysis of CL intensity (Fig. 3) and
etch pits density (Fig. 2b) distributions, confirms very
high crystallographic quality of laterally grown GaAs
on Si substrates. By using the X-ray diffraction tech-
nique with the beam scanned across the ELO layer we
have proved also that the wings tilt upward in the GaAs
on Si case [13], which is just the opposite behaviour to
that observed in the GaAs/GaAs ELO system. All these
results have allowed us to create a model of bending of
the GaAs ELO layer on Si substrate as illustrated in
Fig. 10. A biaxial tensile strain caused by different
thermal contraction of epilayer and substrate is com-
monly observed in GaAs layers on Si substrates [39].
This strain disappears when the GaAs/Si structure is
heated to a temperature of ~500 °C [40], which is
close to our LPE growth temperature. Therefore, the
GaAs ELO layer grows essentially stress free. At room
temperature, the basal plane of the ELO should have
the same tensile deformation as the upper surface of the
buffer GaAs. Since the ELO layer stands free and does
not adhere to the mask, unrestricted strain relaxation
and free contraction of vertically grown volume of ELO
should take place in its upper part. This, in turn, must
lead to the upward bending of ELO wings (as shown in
Fig. 10). The thermal tensile strain in the seeding area
is partially compensated by the mask induced compres-
sion [27]. Therefore, deformation of ELO at its base,
and consequently the ELO wings tilt angle, increase
when the SiO, mask is removed. This leads to increase
of angular separation of X-ray reflections as shown in
Fig. 9. Let us compare the rocking curves of the GaAs
ELO layers grown on GaAs and GaAs-coated Si sub-
strates shown in Fig. 5a and Fig. 9, respectively. The

rocking curve from Fig. 5a is very broad which indicates
some distribution of strain along the interface between
the wing and the mask. On the contrary, in the GaAs
on Si structure strain is localised in the seeding area
only and the main part of the wings is strain free, so
the wing peaks are very sharp. In this way, the different
shapes of the rocking curves directly reflect different
mechanisms responsible for deformation of ELO lattice
planes in both cases.

It is worth noting that our model of thermal strain
relaxation in ELO layers predicts that the direction of
wing tilt must be correlated with the sign of the strain
in the buffer. In particular, downward wings tilt should
be observed if the buffer layer is under compressive
thermal stress (e.g. in GaN on SiC or sapphire sub-
strates). This is exactly the behaviour presented in Fig.
8b for the GaN on sapphire ELO system. At the growth
temperature GaN ELO wings are tilted downward due
to their interaction with the mask. Upon cooldown to
room temperature position of the wing peak changes
from 1.19° to 1.36°, which means that additional down-
ward tilt induced by thermal stress has occurred. Qual-
itatively, the same phenomenon can be inferred from
recent simulations via finite element analysis of strain
in ELO structures [41].

5. Related techniques of lateral overgrowth

The most characteristic feature of the ELO process
presented so far is the change of the predominant growth
direction—from vertical in the growth window to lateral
in the regions over the masking film. In principle,
however, it is possible to start lateral overgrowth from
the seeds oriented perpendicular to the substrate surface,
so change of the growth direction is not necessary. If
the substrate (bare substrate or substrate covered by a
suitable buffer layer) is etched to create on its surface
a pattern of ridges or elongated columns oriented similar
to that of windows in ELO, conditions are provided
such that the side walls of the columns provide the
crystallographic template for lateral growth. Fig. 1la
shows geometry of silicon substrate used for LPE lateral
overgrowth of Si from ridge seeds [42,43]. A thin SiO,
mask has been deposited in the trenches to avoid direct
epitaxy on the substrate. During LPE the growth starts
from the side walls of the ridges and proceeds laterally
over the mask. The top surface of the ridge is the
dislocation-free Si(111) facet, so it contains no step
sources. Therefore, under proper growth conditions the
vertical growth is completely eliminated and the layer
grows laterally without any change of its thickness. As
the thickness of the layer is determined by the ridge
height, it can be easily controlled. However, very thin
layers are difficult to obtain. When the thickness of the
layer decreases the radius of curvature of its side wall
decreases as well (see Fig. 11a). This leads to increase
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Fig. 11. Schematic illustration of cross sections of Si epilayer grown
by LPE on (111) Si substrate from a ridge seed (a) and of InGaAs
bridge layer grown by LPE on GaAs substrate (b).

of the equilibrium concentration of the solute around
this wall due to the Gibbs—Thomson effect. Therefore,
higher melt supersaturation must be used to grow thinner
layers. Then, however, vertical growth may be initiated
if the supersaturation is large enough for two-dimen-
sional nucleation at the top surface of the ridge. Using
this technique as thin as 0.23 pm Si layers with an
aspect ratio up to 82 have been grown laterally upon
SiO,-coated Si substrates by LPE [42].

On the contrary to the case of homoepitaxy, in lattice
mismatched heterostructures the top surface of the col-
umns is not dislocation-free and must be covered by an
additional mask to avoid excessive vertical growth. Fig.
11b shows schematically how this approach has been
applied by lida et al. to grow by LPE InGaAs bridge
layers on GaAs substrates [44]. First, the substrate
covered by the SiN, mask has been processed by
photolithography and etching to fabricate on its surface
a pattern of deep circular trenches. Then, In,Ga, _ As
(x~0.06) layer has been grown on such substrate by
LPE. It is noticing worthy that no InGaAs buffer is used
in this case. The layer grew inwards from the side wall
of the trench forming a bridge over the trench. Some
growth over the mask outside the trench area was
observed as well. Analysis of the layer surface revealed
presence of dislocated zone with etch pits density
~10° cm~2 only above the small area where the layer
was in direct contact with the GaAs substrate. The rest
of the layer, having the diameter above 1 mm, was of
very high quality with dislocation density below 10*
cm™? so it could be used as substrate for further
deposition of device layers. Unfortunately, the technol-
ogy presented has been tested only for very low In
concentrations (and for very high In content when InAs

instead of GaAs was used as the substrate [45]). Thus,
more research is needed to study how this procedure
would work for the heteroepitaxial structures with large
lattice mismatch. Moreover, the question about quality
of coalescence of the layers grown from the opposite
walls of the trench seems still to be open. Despite that,
the technology of LPE growth of bridge layers over the
trenches seems to be very promising due to its simplicity,
very high efficiency and high quality of layers produced.

Finally, let us present the method of lateral overgrowth
that has received much attention recently, namely the
pendeo- (from the Latin: to hang or to be suspended)
epitaxy (PE). To grow PE GaN layers, a thin AIN
wetting layer and GaN buffer are grown first on an
available substrate as shown in Fig. 12a. Next, trenches
deep enough to reach the substrate surface (or even
slightly deeper) are etched in the structure. The bottoms
of trenches and top surfaces of GaN columns are then
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Fig. 12. Schematic of the process steps for pendeo-epitaxy of GaN:
(a) etching of elongated columns in GaN buffer layer followed by
masking of the substrate (mask 1) and the top column surfaces (mask
2); (b) epitaxial growth of GaN starts from exposed side walls of
GaN columns and proceeds laterally to fill the trenches: also some
vertical growth occurs; (c) PE layers merge over the trenches (seam
A) and over the capped GaN columns (seam B), so continuous PE
GaN film is formed. TDs are the dislocations threading to the surface
of the GaN column.
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covered by a suitable masking film, so GaN column
side walls are the only surfaces exposed for subsequent
GaN regrowth. During pendeo-epitaxy the GaN layers
overflow the trenches growing laterally from the column
side walls (see Fig. 12b). Also some vertical growth
takes place followed by lateral growth over the mask
covering the top of GaN mesas. If long enough growth
time is given the PE layers starting from adjacent seeds
merge at the fronts marked ‘A’ and ‘B’ in Fig. 12¢, so
a continuous PE GaN layer is formed. As mentioned
before, dislocations thread in the GaN buffer mainly
along the c-axis (i.e. perpendicular to the surface). Thus,
only a very small part of them intersect the side wall of
GaN columns and propagate into PE GaN layer. There-
fore, the regrown material contains four to five orders
of magnitude lower density of dislocations than that in
the buffer [46]. Moreover, in contrary to the ELO case,
also the dislocations originally present in the buffer
(marked as TDs in Fig. 12) are prevented from reaching
the PE layer if the GaN columns are capped by the
mask. Thus, in principle, the density of dislocations
should be reduced over the whole area of the substrate
and the need to locate devices only in the laterally
overgrown parts of the structures (as it was in the case
of ELO-see Section 3) could be eliminated.

The PE technique in its version shown in Fig. 12 has
been used by Chen et al. to grow by MOVPE GaN
layers on SiO, masked sapphire substrates [47]. Studies
of the layers with the use of transmission electron
microscopy have proved that laterally overgrown parts
of the layers are nearly dislocation-free. However, new
dislocations have been found at the fronts (marked as
‘A’ and ‘B’ in Fig. 12) where the layers merge as well
as over the edges of masked GaN columns. In the light
of what has been written in Section 4.1 above, this
finding is not surprising. Most probably, interaction of
the laterally overgrown parts of the layers with the
Si0, mask has occurred leading to their relative miso-
rientation and defects creation at the coalescence fronts.
Thus, this is the same phenomenon as we have discussed
already and which is illustrated in Fig. 7.

These results, as well as the whole discussion in
Section 4 of this review, clearly show that properties of
laterally overgrown layers are strongly influenced by the
presence of a mask. In particular, the strain introduced
by the mask and ‘poisoning’ by impurities diffusing out
from the mask at high temperature have negative impact
on quality of the layers. Therefore, the processes are
needed in which layers could be grown laterally without
any masking film. It is important to note that each mask
requires additional technological steps. Thus, a maskless
version of selective epitaxy would result in significant
simplification of the whole procedure, which is espe-
cially important if the growth process under develop-
ment is to be applied on industrial scale. Zheleva et al.
have found that under proper MOVPE conditions neither

GaN nor free Ga do accumulate on 6H-SiC (0001)
surface [46]. Thus, the pendeo-epitaxy of GaN without
mask between the GaN columns (mask 1 in Fig. 12)
became possible by replacement of sapphire by SiC. As
before, PE growth started from the side walls of the
GaN columns and proceeded laterally at some distance
from the SiC surface. Transmission electron microscopy
showed that neither tilting nor low angle tilt boundary
were present at the coalescence boundary over the trench
(seam ‘A’ in Fig. 12c). However, tilting of 0.2° and
defects at the seam ‘B’ were still found in the portion
of the coalesced GaN layer, which interacted with the
mask covering the GaN column [48]. This tilt can be
further eliminated if completely mask-free PE process
(i.e. without masks 1 and 2) is employed as has been
reported for GaN [46] and AlGaN [49] on SiC systems.
Then, defect-free coalescence can be obtained at both
coalescence fronts [46]. The price paid for that, however,
is enhanced vertical growth of the PE layer and free
propagation into regrown GaN of TD dislocations orig-
inally present in the GaN buffer.

The next step towards commercialisation of pendeo-
epitaxy of GaN would be to replace SiC substrates,
which are expensive and available with low diameters,
by large area silicon wafers. However, direct epitaxy of
GaN on Si is difficult and usually results in polycrys-
talline films, most likely due to the prior formation of
the SiN, film on the Si surface. Therefore, Davis et al.
have employed the procedure in which Si(111) sub-
strates are first covered by an epitaxial film of SiC,
followed by their transfer to the MOVPE system for
deposition of an AIN wetting layer and a GaN buffer
[48]. Next, they could make use of the process route
elaborated earlier for PE of GaN on bulk SiC, namely,
substrate etching to define GaN columns and PE
regrowth. The quality of the GaN layers they obtained
was quite similar to that on bulk SiC substrates. The
problem, however, was the thermal stress arising due to
large difference of thermal expansion coefficients
between subsequent layers, which resulted in cracking
of the structures on cooling if the SiC transition layer
was too thin.

6. Summary

Review of the epitaxial lateral overgrowth technology
and of application of ELO layers as substrates with an
adjustable value of lattice constant is provided. The
main idea behind lateral overgrowth techniques is selec-
tive epitaxy of a homoepitaxial layer on a relaxed buffer
having the required value of lattice parameter. The seeds
can be defined by patterning of the mask covering the
buffer layer (ELO) or the growth starts from the exposed
side walls of ridges etched in the buffer (PE). Selective
nucleation of the layer in the narrow seeds allows to
pass through information on buffer lattice spacing, while
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blocking all (or main part of) defects created due to
lattice misfit between the buffer and its substrate. We
have shown numerous examples that this procedure
works efficiently. Usually, practical realisation of the
idea above depends on the system considered. Quite
often specific properties of materials and of growth
technique used determine the way in which laterally
overgrown structures are produced (eg. the maskless
pendeo-epitaxy of GaN on SiC). There are, however,
some basic phenomena typical for all laterally over-
grown structures. These include some general rules that
should be followed to obtain wide and thin laterally
overgrown layers (i.e. choice of optimal direction of the
seeds, high quality of the buffer, low growth rate, use
of doping to enhance lateral growth, etc.). Efficient
filtration of dislocations originally present in the buffer
is well evidenced in all laterally overgrown structures.
Tilt of wings caused by their interaction with the mask
underneath is commonly observed both in ELO and PE
layers independently on the growth technique used. If
the tilt angle is small the accompanied strain can be
accommodated elastically (eg. in GaAs on GaAs ELOs).
Otherwise, arrays of dislocations creating low angle
boundaries appear above the mask edges (eg. the case
of GaN ELO structures). Tilting of laterally grown parts
of the layer leads to generation of new defects at the
coalescence front where two layers grown from neigh-
bouring seeds and having opposite tilt directions merge.
Growing the layers standing free above the mask seems
to be the best way to improve quality of the coalescence
front, although there are no general recipes how to grow
such structures. Thermal strain being due to different
expansion coefficients of subsequent layers is also com-
monly found in laterally overgrown heterostructures.
However, if the layer is attached to the buffer through
the narrow seeds only, this strain is usually much smaller
than in reference planar structures.

It is difficult to predict how the lateral overgrowth
technology will develop in the future. From scientific
point of view there are still many questions to be
answered. In particular, understanding of microscopic
interaction of ELO wings with the mask, identification
of mechanisms leading to bending of dislocations thread-
ing through the seed in ELO and many other issues
require further work. Basic crystal growth research is
needed to increase width of laterally overgrown layers,
to improve the quality of coalescence fronts, to develop
technology of lateral overgrowth of ternary layers on
binary substrates and to simplify the whole growth
procedure according to industrial standards. Application
of laterally overgrown layers will depend on progress of
these studies. Growth technology must be significantly
simplified for wide application of laterally overgrown
substrates. Market demands for novel semiconductor
devices will decide if and which techniques of lateral
epitaxy find their permanent position in industrial prac-

tice. Nowadays there is a large demand for group III
nitrides substrates, so lateral overgrowth of these com-
pounds is mostly studied in many laboratories world-
wide. Probably, the importance of lateral overgrowth of
‘traditional’ III-V ternary substrates will increase in the
near future.
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Monitoring epiready semiconductor wafers
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Abstract

GaAs wafers are often sold by the manufacturers as ‘epiready’, meaning the substrates can be used with no further treatment.
However, there is no clear agreement what epiready means, although one manufacturer recommends that they be used within 3
months of purchase. However, many growers find they are unable to obtain good growth results from their processes with
untreated wafers and have to resort to long-established etching procedures. With the increase in multi-wafer molecular beam
epitaxy (MBE) and metal organic vapour phase epitaxy (MOVPE) reactors, this approach is no longer viable. This work
investigates the ageing of GaAs wafers stored, both under a variety of conditions [e.g. temperatures of 200 °C, room temperature
and —20 °C] and assessed by atomic force microscopy (AFM) after various procedures had been performed, including annealing
in molecular hydrogen using a MOVPE reactor. The primary source of ageing on an epiready GaAs wafer has been found to be
the transfer oxidation from the native As,O; (present at time =0) to Ga,O, (present after 24 h, 3 months and 2 years, respectively,
at the storage temperatures mentioned above). This transfer oxidation does not occur across the whole surface but in discrete
areas that may be associated with the step edges on the substrate surface. This is the cause of deterioration of an epiready
substrate, but it can be slowed by storing the GaAs wafers at —20 °C. Storage in a domestic freezer has allowed even 2-year-old

GaAs wafers to be used without any further preparation. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Monitoring epiready; Semiconductor; Wafers

1. Introduction

Epitaxial techniques such as MBE and MOVPE rely
on the perfection of the surface of the substrate to give
a template that allows further growth of high quality
semiconductor crystals. Semiconductor substrates are
manufactured from boules of material grown from a
melt by various processes [1]. The substrates are then
sawn from the boule and chemo-mechanically polished.
All these stages can introduce defects into the substrate:
the thermal strain from growing the boule can result in
dislocations in the final substrate [1], cutting can intro-
duce ‘saw-damage’ into the substrate whilst polishing
can leave the final surface non-stoichiometric, e.g. with
an excess of one element (usually group III) over the
other.

The provision of a perfect, stoichiometric surface
used to be the responsibility of the grower who had to
prepare the wafer before use [involving degreasing,
etching (to remove saw-damage), rinsing and drying].
Now, however, there is a choice and the term ‘Epi-

*Corresponding author. Tel.: +44-1865-855167; fax: +44-1865-
371090.

E-mail address: nigel. mason@kamelian.com (N.J. Mason).

Ready’ has been registered as a trademark of Wacker-
Chemitronic GmbH [2]. This new approach was made
possible by low metal contamination in the polishing
and by producing a final surface whose carbon and
oxide layers were removable by in situ cleaning in a
MOVPE reactor. Now, many other substrate vendors are
offering substrates ‘epircady’ but there is no strict
definition of the term. The responsibility for the provi-
sion of a perfect surface is now a partnership, the wafer
manufacturer supplying an epiready surface and the
grower finding conditions where this can be successfully
deoxidised and annealed in the equipment before growth
[3,4]. With increasing wafer numbers in multi-wafer
reactors, this partnership is the only realistic choice for
most industrial reactors.

A study of InP substrates [5] and GaAs substrates [3]
have both found and an increase of the oxide thickness
with time but no data was presented showing how this
affected the epireadyness. Although one manufacturer
recommends that GaAs wafers are used within 3 months
of purchase, there is no information in the literature
about what occurs over this period of time to leave the
GaAs surface unepiready nor under what storage con-
ditions this degradation occurs.

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V, All rights reserved.
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Fig. 1. Atomic force microscope image (6-wm square) of an on-axis
GaAs surface after heating to 550 °C, holding and cooling. The grey
scale represents 10 nm in height.

We have used a variety of techniques to study the
ageing of GaAs wafers; the loss of epireadiness and the
provision of best storage conditions and the results are
reported here.

2. Experimental

The wafers used in this work were obtained from
AXT, Freiberger, and Wafer Technology and were on-
axis. We neither observed any measurable difference
between any of the manufacturers nor between doped
and undoped wafers under the conditions used here. The
wafers were stored in a domestic freezer (—20 °C) a
domestic fridge (0 °C) normal clean room ambient (20
°C) whilst remaining in their original polyethylene
packing and inert gas filled metallised-polyester bag.
For elevated-temperature storage (200 °C) the wafers
were removed from the packing and placed in a clean,
covered Petri dish in a muffle furnace. Care was taken
to ensure the door of the furnace remained open for as
short a time as possible when adding and removing
samples, to ensure a stable temperature regime for the
storage trial.

The reactor conditions used have been outlined before
[6] but to reiterate briefly a flow of 16 1/min of
hydrogen at atmospheric pressure was used in these
experiments. The samples were usually ramped up to
550 °C at 40 °C/min, held at temperature for 15 min,
and cooled at the same rate.

Homoepitaxial growth was achieved at 660 °C using
trimethylgallium (—9 °C) and tertiarybutylarsine (5 °C).

The HCl/water dip involved submerging the wafer in
a 50% HCI1/water solution for 30 s and then rinsing for

1 min in de-ionised water and then drying using filtered
nitrogen.

The atomic force microscopes (AFM), used in this
study were either a Burleigh Metris or Thermomicro-
scope M35 and results were similar in either case.

3. Results and discussions

Fig. 1 is an AFM image of a GaAs wafer heated up
to 550 °C, held, and cooled, under molecular hydrogen.
We were establishing conditions for the growth of InSb
quantum dots on GaAs substrates directly (no buffer
layer) and in order to avoid contaminating the InSb
with arsenic, were heating up the GaAs wafers with no
group V species present. Since InSb grows best at 400
°C, it seemed unlikely that the GaAs would decompose,
even if heated to 550 °C before growth to de-oxidise it
as we had previously established conditions for the
deoxidation of GaAs using optical monitoring [6,7].
When we checked that this was correct we observed the
islands in the AFM image, which are present even
though nothing has been deposited. An obvious possi-
bility was that there was some decomposition of the
GaAs surface, so we undertook a series of experiments.
First, we tried fresh wafers, straight from the manufac-
turer (Fig. 1 was obtained using a 3-month-old wafer)
and no islands were observed. Secondly we treated the
older wafers with an HCI dip (it is known that this dip
only removes As,0; and Ga,0; from the wafer [8—10])
again no islands were observed. Then we varied the
temperature of anneal between 450 °C and 650 °C and
the features only changed in their size and number

Fig. 2. Atomic force microscope image (6-wm square) of an on-axis
GaAs surface after heating to 450 °C, holding and coohng The grey
scale represents 30 nm in height.
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Fig. 3. Logarithmic plot of island number density vs. reciprocal abso-
lute temperature. The grey line is a linear fit to the data.

density. As an example, Fig. 2 shows the results of
heating to 450 °C and annealing.

Such a change in the number density and size of
these features is indicative of a kinetically controlled
surface diffusion phenomenon. In order to check this,
the island area and number density are measured and
calculated over multiple AFM images using analysis
and counting software to give statistically sound data.
A scan size of 30 wm square was initially investigated
and if this proved to be free of defects and damage the
area was divided into nine 10-pm squares and the
number density was statistically assessed to give a mean
and standard deviation, this allowed for accurate com-
parisons to be made between various experimental
conditions and an assessment of errors and standard
deviations. Fig. 3, shows the log of the number density
plotted against the reciprocal absolute temperature. The
linear nature of this plot means that the island growth
is a kinetically controlled surface phenomenon and an
activation energy of 100 kJ/mol can be calculated from
the fitted data in Fig. 3. Such a value suggests that the
islands grow by a surface diffusion process and we
would suggest that they are islands of gallium but not
due to incongruent decomposition of the GaAs, for the
following five reasons:

1. The value of 100 kJ/mol (1.2 eV) is similar to that
obtained (1.1 eV) from the diffusion of Ga atoms on
GaAs in a MBE study [11,12].

2. An AFM study [13] involving heating GaAs wafers
in a MBE chamber with no arsenic overpressure
showed very similar island size and number density
and was able to chemically confirm the islands as
being composed only of gallium by X-ray photoelec-
tron spectroscopy.

3. The temperature of the 450 °C anneal is well below
that for incongruent evaporation of GaAs (650 °C)
[14].

4. The islands are absent when we anneal the wafers
under tertiarybutylarsine that can pyrolyse at temper-
atures as low as 450 °C.

5. The islands are considerably softer (when measured
by lateral force microscopy, an adjunct of AFM)
compared to similar sized GaSb islands.

These results were obtained, both on the traditional
horizontal single wafer reactor and on our newer vertical
reactor (similar to a close spaced reactor [15]) so it
seems unlikely that there is some artefact from the
transfer of any species from a hot susceptor upstream
of the sample in the horizontal reactor.

The results suggest that age, storage, and treatment
have a considerable effect on GaAs wafers when
annealed under molecular hydrogen. An explanation for
this lies in the nature of the native oxide present on any
GaAs wafer suggested over 20 years ago [16). Initial
oxidation of a fresh GaAs wafer takes place on the
arsenic sites and is indicated by the following equation:

4GaAs+30,—2As,0;+4Ga (1)

This very rapid surface reaction quickly becomes
passivated as the diffusion of oxygen through the oxide
layer slows down after the growth of a few monolayers
of oxide. After a few days the thickness of As,O; has
reached 1-2 nm (a similar thickness to that seen for
oxides growing on aluminium or titanium or other self-
passivating oxide systems). Subsequently, a much slower
solid-state reaction takes place in between the As,O,
and the bulk GaAs:

2GaAs+ As,0; — 4As+Ga,0;. )

This reaction occurs very slowly, as a typical bulk
solid-state reaction, over a period of months. It occurs
even if the wafer is stored in its original inert gas filled,
metallised polyester bag, because the As,O, is present
on the wafer surface before the bag is sealed.

In order to examine the morphological implications
of Eq. (2), a 2-year-old wafer, expected to have had a
considerable amount of Ga,0, formed, was examined
in the AFM after an HCl/water dip. As mentioned
above, the dip is expected to remove only the oxide.
Fig. 4 shows a high magnification AFM of such a wafer.
Significant, features are observed in an otherwise flat,
amorphous surface. The features are approximately 100
nm across and 4 nm deep. We suggest that these features
are the result of the removal of Ga,O; that had devel-
oped from Eq. (2). This idea is supported by our
observation that a similar HCl/water dip on a freshly
supplied substrate shows a flat amorphous surface of



D.A. Allwood et al. / Thin Solid Films 412 (2002) 76-83 79

200 400 nm

Cross-section through line in afm image

Fig. 4. Atomic force microscope image of an on-axis GaAs surface after an HCl/water dip. The image is a 1-pm square and the grey scale

represents 12 nm with a line roughness of 1.9 nm.

roughness 0.5 nm. As no localised Ga,0O; is expected
on a fresh wafer this confirms that the features in Fig.
4 are indeed from localised oxidation via Eq. (2). Fig.
5 shows a low-magnification image from the same
surface as in Fig. 4. Here the pits seen in Fig. 4 are
seen to be coalesced in lines running down the image.
The spacing between these lines is of the order of 600
nm which is very similar to that expected for the
separation of step edges on the on-axis GaAs surface
used in these studies suggesting that the oxidation is
somehow influenced by the step edges. Fig. 6 shows a
schematic of what we propose is happening over a
period of some months and after a subsequent HCl/
water dip. That the features are possibly initiated at the
step edges is reasonable from an energetic point-of-view
as kink sites on step edges would be favourable as

Fig. 5. Atomic force microscope image of an on-axis GaAs surface
after an HCl/water dip. The image is a 10-wm square and the grey
scale represents 8 nm with a line roughness of 1.2 nm.

places for reactions to occur. The change of the wafer
surface from an atomically flat surface covered in a thin
uniform layer of As,0; to a much rougher surface with
a thicker oxide over a period of months is in good
agreement with previous X-ray diffraction and ellipso-
metric studies [7,17,18]. It is also likely to affect the
quality of growth of any epitaxial layer. There is also
the possibility that if arsine is used in the deoxidation
stage before epitaxy, then the lack of pyrolysis of arsine

1 4— As203.

GaAs

After some months

Ga203

AftelHCIdp

- T
GaAs |

Fig. 6. Schematic of GaAs oxidation [Eqgs. (1) and (2)] and subse-
quent surface after HCl/water dip.
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at the temperatures where these islands are observed
might lead to them forming before sufficient arsenic is
present to mop up the gallium. This would lead to large
islands of GaAs forming at the higher temperatures
when the arsenic is present from pyrolysis and is
absorbed into the gallium droplets. Such a surface would
lead to subsequent growth having very poor morphology.
Either of these morphological issues might be the reason
why GaAs is only given a 3-month certificate of
conformity to an epiready state. To study this aspect of
ageing we instigated an ageing trial with wafers stored
under ambient conditions and then examined them using
both annealing (as above) and homoepitaxial growth.

3.1. Ageing trial

The full ageing trial is currently on going and will be
reported later. Initial results confirm that the number
density of the gallium droplets found under similar
conditions to those used to produce Fig. 1 follow a
trend that supports our above hypothesis that they are
indicative of a surface that has been aged beyond 3
months. Fig. 7 shows the number density with respect
to time. The error bars are quite large and we are still
investigating the source of this variation but, overall,
the graph agrees well with our hypothesis that even
over the first month after polishing the wafer has an
increasing amount of Ga,O; which gradually changes
the surface from epiready to unepiready, the actual time
when this would manifest itself as poor growth will
depend on the conditions used during the bakeout (arsine
or tBAs). To show this we have used two different
conditions to grow homoepitaxial GaAs as part of the
ageing trial. Growth 1 is a set of typical conditions with
tBAs switched into the reactor during both the heat-up
and cool-down as well as during the homoepitaxy.

D.A. Allwood et al. / Thin Solid Films 412 (2002) 76-83

Growth 2 is a set of conditions that attempt to mimic
arsine whilst using tBAs. To do this we have only
switched the tBAs into the reactor at a temperature (500
°C) to mimic the pyrolysis of arsine [19]. When we use
Growth 1 on wafers that are 0 and 4 weeks old we get
atomically flat terraces (average roughness 0.1 nm) in
the AFM similar to those seen Fig. 8. On a 12-week-
old wafer the homoepitaxial layer no longer grows in
step flow to give atomically flat terraces but in an island
growth mode giving a very much rougher surface
(average roughness 1.5 nm) seen in Fig. 9. This change
is also seen in Growth 2 but the rougher, island growth
occurs at week 4 not week 12. This would suggest that
the length of time a wafer is epiready is determined by
the precursors used and perhaps the reactor geometry
and there is no specific time limit that covers all possible
conditions.

Eq. (2) suggests that it might be possible to increase
the rate of gallium oxidation by increasing the temper-
ature. In order to test various post-polishing treatments
we wished to develop a way of ageing GaAs over a
suitable period (days) to be able to predict the results
over longer periods (months). We have stored wafers at
various elevated temperatures to determine if this can
accelerate the ageing discussed above. We have been
able to accelerate the reaction occurring in Eq. (2) by
storage of the wafers at elevated temperatures for quite
short periods and Table 1 shows the results. Clearly,
storage at 200 °C gives similar results, in terms of
gallium island density to storage at room temperature at

Fig. 8. Atomic force microscope image of a fresh on-axis GaAs sur-
face after homoepitaxial growth. The image is a 3-wm square and the
grey scale represents | nm with a line roughness of 0.1 nm.
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Fig. 9. Atomic force microscope image of older on-axis GaAs surface
after homoepitaxial growth. The image is a 3-wm square and the grey
scale represents 10 nm with a line roughness of 1.5 nm.

20 °C for over 2 years. This facility will enable us to
test rapidly any surface treatments that might be expect-
ed to improve the ageing properties of a GaAs wafer
(e.g. by modifying the oxide). The results presented
here are also supported by XPS measurements made at
200 °C where the reaction in Eq. (2) is observed directly
[20] as a change in the peak intensities of the two
oxides, the arsenic oxide diminishing and the gallium
oxide increasing over a period of a few hours. This
suggests quantitatively at least that temperature will play
an important role in wafer storage.

An alternative, quantitative, technique for studying
the progress of Eq. (2) is to use Raman scattering to
monitor the signal obtained from elemental arsenic
precipitated from the GaAs when it is oxidised by the
As,0,. The arsenic peak is easily identifiable in Raman
spectra of GaAs at 260 cm™' [21]. A typical GaAs
Raman spectra LO phonon at 295 cm™' is shown in

Table 1
Number density of gallium droplets for various storage
times/temperatures

Sample Temperature Time of Number of S.D.

of storage  storage Ga droplets (X10® cm™?)
(°C) (x10% cm™3)

Stored 20 24 months 1.8 0.1

Aged 100 3 weeks 0.6 0.1

Aged 200 20 h 1.6 0.1

Aged 200 12h 0.5 0.05

Stored —20 24 months 0.0
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Fig. 10. Raman spectra of GaAs, fresh and after several hours at 600
°C in oxygen ambient.

Fig. 10, together with the spectra taken after high-
temperature annealing in air for various times. As
expected, the arsenic content of oxide layers increased
with anneal time. However, surprisingly, when the ambi-
ent of the furnace was changed from oxygen to dry
nitrogen, elemental arsenic content initially increased to
that seen after 1 h in Fig. 10, and stopped increasing. It
seems that the As,0O; present on the surface is enough
to atlow two to take place for perhaps 30 min but once
the As,O; is depleted further arsenic cannot be precipi-
tated, because Eq. (1) is inhibited in the dry nitrogen
ambient and hence the Ga,0; ceases to form.

We also examined this elemental arsenic peak in a
sample held at various temperatures between 300 and
750 °C for 1 h. The amount of elemental arsenic present
increased with temperature. Fig. 11 shows an Arrhenius
plot of the integrated arsenic Raman peak intensity as a
function of temperature. Calculations from curve fitting
constants provide an activation energy, for the formation
of elemental arsenic of 0.46 eV. It should be stressed

Temp (°C)
750 700 650 600 550
T v T

slope = -5 = -Ea/1000R

';? Ea = 8.314 x -5 kJ/mol
s 188—_ = -43 kd/mol [0.46eV]
- 30 1

g 701

c 60 -~

8 50 N

'é’ 40 D~

S —a— arsenic content S

g 30 - = —linear fit S~
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1000/Temp (K™

Fig. 11. Logarithmic plot of arsenic content vs. reciprocal absolute
temperature. The grey line is a linear fit to the data.
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Table 2
Estimated relative ageing rate of GaAs surface oxides for different
storage temperatures using data from Fig. 11

Storage Relative rate Age at loss
temperature of ageing of epireadiness
(°C) (months)
20 1.00 3
0 0.26 12
-10 0.13 24
~20 0.06 48

that this is an approximate value since there are only
three data points present and the values of each of these
are subject to considerable uncertainty. However, it is in
good agreement with values in the literature [21].

These two results from the Raman measurements
have two important implications for the storage of GaAs
wafers. Firstly, the activation energy suggests that stor-
age at reduced temperatures might lead to the slowing
of the reaction in Eq. (2) and thus a slowing in the
degradation of the GaAs wafer. Secondly, storage in an
mnert gas filled bag will not, of its self stop Eq. (2)
taking place and the wafer will degrade until all the
As,O; has been consumed, it will then stop. Table 2
shows approximate values for the decrease in rate of
ageing by storage at various temperatures. These data
suggested to us that storage in a domestic freezer was
worth investigating as a means of enhancing the life
expectancy of an epiready wafer. We stored two wafers
under ambient conditions, two at 0 °C in a domestic
fridge and two at —20 °C in a domestic freezer. Two
years later, the wafers were removed from the freezer
and assessed by annealing as above. No evidence of
gallium droplets was observed for those wafers stored
at —20 °C suggesting that the above hypothesis was
sound. These wafers are being assessed by other tech-
niques such as growth and the results, which look very
encouraging, will be reported with the final results of
the ageing trial.

4. Discussion

One of the difficulties in assessing the literature on
investigations into the thickness and nature of the oxides
found on GaAs is that often there is no information as
to the conditions under which the wafers have been
stored or prepared. Discrepancies between various
authors concerning both the thickness and the type of
oxide present could be accounted for by the age of the
sample or by the way it was prepared. An oxidative
etch such as sulfuric acid/hydrogen peroxide [22] leaves
the surface with Ga,O; present and will affect any
surface studies compared to an epiready surface [22]
which will initially have little Ga,O, if prepared under
an alkali environment [7,18].

Substrates that have been stored for longer than 3
months can be re-generated by dipping in HCI/water
but this is nearly as time consuming as etching in
sulfuric acid/hydrogen peroxide and so cannot be rec-
ommended as a way of avoiding the problems of a
unepiready wafer. Instead, storage in a domestic freezer
has been found to be highly successful in preventing
the degradation associated with Eq. (2). This is of
particular use where substrates have to be bought in
large quantities to save money but then would otherwise
languish on a shelf for several months and deteriorate
and prove a false economy. Provided the wafer is
removed from the freezer 1 h before it is needed, to
allow the temperature inside the polyethylene packaging
to equilibrate with the ambient (thus preventing any
condensation) we have seen no deleterious effects by
storage under these conditions.

We have not seen any difference between doped and
undoped GaAs in the measurements made here, despite
the fact that subtle differences have been reported [23].
We have found some differences when looking at vicinal
substrates (specifically 2° off towards [111]A) compared
to the on-axis substrates studied here but these will form
part of our next report on the full ageing trial.

5. Conclusions

Epiready GaAs wafers have been stored under a
variety of conditions with temperatures between 200
and —20 °C and assessed by measuring the surface in
an AFM after various tests including annealing in
molecular hydrogen using a MOVPE reactor.

The primary source of ageing on an epiready GaAs
wafer has been found to be the transfer oxidation from
the native As,O; (present at time=0) to Ga,O,. The
kinetics of this equation has allowed us both to enhance
it as a means of accelerated ageing. and attenuate it as
a means of storage over a period of 2 years (at —20
°C) that allows the wafer to be used as if it were freshly
polished.
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Abstract

Results of a post-growth rapid thermal annealing (RTA) on GaAs proximity-capped structures with high density (~10"
cm~?) of self-assembled InAs/GaAs quantum dots (QDs) are presented. Features due to the QDs, bi-dimensional platelets (2DP)
and InAs wetting layer (WL) were identified in photoluminescence (PL) spectrum of the as-grown sample. It is shown, using
transmission electron microscopy, that RTA at temperature up to 700 °C (for 30 s) results in an increase of QDs lateral sizes.
After RTA at 800 °C or higher temperatures, no QDs can be distinguished and substantial thickening of the WL can be seen.
The main PL peak blueshifts as a result of RTA in all investigated temperature ranges, which is accompanied by a quenching of
the 2DP and WL PL. It is proposed that the main PL peak, which is due to the QDs in the as-grown sample, results from optical
recombination in the modified WL in the samples, after RTA at 800 °C and higher temperatures. Laterally-enhanced Ga/In

interdiffusion induced by strain is proposed to explain a relatively fast dissolution of QDs. © 2002 Elsevier Science B.V. All
rights reserved.

Keywords: Self-assembled quantum dots; Thermal treatment; Intermixing

1. Introduction

One of the ways of tuning the properties of semicon-
ductor quantum dots (QDs) [1,2] is their postgrowth
thermal treatment [3—15]. The postgrowth annealing is
usually performed in a growth chamber [4,8,15] or in a
rapid thermal annealing (RTA) system with SiO, cap-
ping [5,9,12-14] or proximity capping, (which means
an annealing with a piece of GaAs substrate in close
proximity to the sample surface) [3,6,7]. It is also
known that RTA of samples without any capping leads
to surface degradation, due to As outdiffusion [5].
Thermally-induced intermixing of the QDs leads to a
blueshift, a narrowing of optical emission from QDs as
well as to a reduction in the QDs interlevel spacing. It
is well established that the sample capping during the
thermal cycling of strained InGaAs/GaAs multi quan-
tum wells can critically influence the results of the
annealing procedure [16], however, comparative studies
of the effect on thermal annealing of QDs have been

*Corresponding author. Tel.: +33-476-88-74 44; fax: +33-476-
85-56-10.
E-mail address: babinski@polyenrs-gre.fr (A. Babinski).

published just recently [12,13]. In this paper, the results
of the effect of RTA on InAs/GaAs QDs with GaAs
proximity capping are presented and discussed [17].

2. Experimental procedure

The structure investigated was grown by metaloorgan-
ic vapor phase epitaxy in the Institute of Experimental
Physics, Warsaw University. The GaAs buffer layer was
grown at 650 °C on a nominaly (100) oriented GaAs
substrate. Self-assembled InAs QDs were formed in
Stranski-Krastanow mode by growing nominally 2ML
of InAs at temperature 470 °C. Then, the temperature
was raised to 500 °C, while growing 100 nm of the
GaAs capping layer. Samples cut from the wafer were
proximity capped and RTA treated in nitrogen ambient
for 30 s at 600, 700, 800, 850, 900 and 950 °C. A
reference sample with wetting layer (WL) and no QDs
was also grown, and RTA treated under proximity cap
for 30 s at 700, 750, 800, 850 and 900 °C. The surfaces
of investigated samples were not affected during the
RTA procedure. The microstructures of as-grown and
all annealed samples with QDs were studied using
transmission electron microscopy (TEM). Cross-section-

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Fig. 1. High resolution cross-sectional electron microscopy images of the as-grown sample: InAs quantum dots (QDs), InAs wetting layer (WL)

and InAs bi-dimensional platelets (2DP) are identified.

al TEM specimens were prepared from the samples by
a standard method of mechanical thinning, followed by
jon milling. In addition, plan-view specimens were
prepared from the as-grown sample. Photoluminescence
(PL) measurements of both the as-grown and all
annealed samples were performed at liquid-helium tem-
perature, with laser excitation (A =780 nm). The signal
was dispersed by a monochromator and collected onto
a liquid-nitrogen-cooled germanium detector. Standard
lock-in technique was applied.

3. Results

The presence of high-density self-assembled QDs in
the as-grown sample was confirmed by plan-view TEM.
The average size of QDs was approximately 10 nm.
Their density, as estimated from the plan-view observa-
tion, was of the order of 10" cm™2 There was no
indication of any strain relaxation in the form of large,
dislocated islands or dislocations threading through the
capping layer.

The QDs can be seen in the cross-sectional TEM
image of the as-grown sample (Fig. 1). A 1-ml-thick
InAs wetting layer (WL) can also be seen in Fig. 1.
Moreover, a presence of bi-dimensional platelets (2DP)
can be detected in Fig. 1. The 2DP are 2-ML-thick and
they form during the growth of QDs, just before the
2D-3D transition. It has been proposed that transport
and accumulation of atoms from a few 2DP leads to
formation of one QD [18]. Similar coexistence of planar
and three-dimensional QDs has also been reported in
CdSe/ZnSe QDs system [19]. The morphology of the
as-grown sample was confirmed by PL measurements.
The PL spectrum (Fig. 2) of the as-grown sample is

dominated by two peaks, which are due to optical
recombination within the InAs QDs (E=1.155 eV) and
within the InAs WL (E=1.42 eV) [20]. A PL feature
at E=1.34 eV can also be seen in Fig. 2. Its attribution
to optical recombination within the 2DP is confirmed
by a band-filling effect observed in Fig. 2. No band-
filling of the QDs was observed, which was probably
due to their high surface density.

The RTA results in substantial changes of the sample
microstructure (Fig. 3). Well-defined QDs can still be
seen in samples annealed at 600 and 700 °C. The lateral
sizes of the QDs increase with increasing temperature

: QDs :
100 F i E

———=-0.05xP
e 0,03xP

Luminescence [a.u.]

1.1 1.2 13 14
Energy [eV]
Fig. 2. Power dependence of the photoluminescence (T=4.2 K) from

the as-grown InAs/GaAs QDs. Note the band-filling effect on the
2DP-related PL feature [20].
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Fig. 3. High resolution cross-sectional TEM images of the as-grown
sample and samples annealed for 30 s at 600, 700, 800 and 950 °C.

in those samples. In samples annealed at 800 °C or
higher temperatures, no QDs were observed. A broad-
ening of the modified WL was observed instead. The
layer thickness increases to approximately 3 nm after
annealing at 800 °C and to approximately 8 nm after
annealing at 950 °C.

RTA-induced changes in the microstructure can be
compared with the results of the PL measurements (Fig.
4). Annealing at 600 °C (for 30 s) results in no
significant change to the QDs PL peak position (with a
slight decrease of its intensity) and in a substantial
decrease of the WL and 2DP PL intensity. Further
changes to the PL spectrum can be observed after
thermal treatment at 700 °C or higher temperatures. The
RTA treatment of the samples results in a quenching of
the 2DP and WL PL. Spectral position of a weak feature
due to optical recombination in the WL seen after RTA
at 700 °C confirms an existence of the WL of the same
thickness and composition as in the as-grown sample.
One peak dominates the PL spectra for samples annealed

at T>700 °C, with the peak energy shifting from 1.33
eV (700 °C) to 1.427 eV (950 °C). In addition, a
significant narrowing and intensity increase of this PL
peak takes place with the increase of the annealing
temperature.

A weak shift in the optical emission energy as a result
of the RTA was observed in the PL spectrum of the
WL sample (Fig. 5). This was accompanied by a
decrease in the WL PL intensity after the RTA at highest
temperatures.

4. Discussion

As it can be seen from the TEM pictures, the RTA at
lowest temperatures (600 and 700 °C) results in the
intermixing of the QDs. Mainly, the lateral sizes of the
QDs increase as a result of that process. This must be
accompanied by a change in the QDs composition,
which results in a shallower potential and the PL
blueshift. Simultaneously, an existence of a thin WL PL
is confirmed by both TEM and PL results. After RTA
at 800 °C, the QDs cannot be distinguished in the TEM
images and both 2DP and WL PL peaks quench. This
suggests that the QDs dissolve into the surrounding WL.
The main PL peak seen from that sample must be due
to the modified WL. This layer, enriched with indium
from the QDs, broadens with increasing RTA tempera-
ture. Diffusion coefficients for the intermixed WLs,
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Fig. 4. Photoluminescence (T=4.2 K) from the as-grown and
annealed samples with InAs/GaAs QDs.
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Fig. 5. Photoluminescence peak energy position as a function of
annealing temperature in the samples with the InAs/GaAs QDs and
the InAs WL.

estimated from their thickness measured by TEM
(2.3X107'¢ cm?/s, at 800 °C to 4.1X107'¢ cm?/s at
900 °C and 1.7X 10" cm?/s at 950 °C) were similar
to those reported for GaAs proximity-capped intermixed
Ing 35Gag ¢sAs/GaAs multi-quantum wells [16].

A dissolution of QDs after the RTA at high temper-
ature (850 °C for 50 s [9] or 950 °C for 30 s [5]) has
previously been observed in SiO,-capped samples with
InAs/GaAs QDs. That was, however, accompanied by
a substantial degradation in material quality, which has
not been observed in our samples. On the other hand, it
has been shown that the three-dimensional character of
the QDs confinement potential could be retained even
after RTA at a relatively high temperature (30 s at 900
°C [5] or at 950 °C [14] and 60 s [13] at 900 °C). In
our opinion, two factors are responsible for the relatively
fast dissolution of the QDs in the investigated samples.
These are: the GaAs proximity capping during the RTA
procedure and high density of QDs.

It is well known that the interdiffusion process strong-
ly depends on the density of such defects as vacancies,
interstitials and dislocations. A number of Ga vacancies
available for In/Ga interdiffusion in proximity-capped
samples are limited to those existing in the sample. This
can explain a weaker blue-shift of the QDs PL as a
result of (nominally) defect-free interdiffusion in SrF,-
capped samples, as compared to that in SiO, defect-
induced interdiffusion reported in [13]. Relatively low
number of Ga vacancies in the proximity-capped struc-
tures results in a weak In/Ga interdiffusion [16] across
the dot/cap interface, which is known to be a main
mechanism of the RTA-induced PL blueshift in SiO,-
capped structures with QDs. Another process can be of

importance during RTA treatment of proximity-capped
structures with QDs. This is the non-Fickian strain-
enhanced interdiffusion [21], which has already been
suggested as an explanation of some results of RTA
treatment of InGaAs/GaAs QDs [3,7]. There is a large
strain in and around QDs [22]. Moreover, it has recently
been shown that strain fields due to lattice mismatch
extend from the QDs into surrounding GaAs matrix
over >10 nm [23]. Such a strain field increases vacancy
concentration [23] and is likely to enhance the lateral
In/Ga interdiffusion. In such a process, In atoms would
replace Ga atoms in highly strained region around the
QDs base. Such a behavior has already been reported in
the uncapped InP/GaAs system [24]. Laterally enhanced
interdiffusion could cause relatively fast dissolution of
the QDs. After RTA at 600 and 700 °C, an increase in
QDs lateral sizes and changes in their composition,
result in a blueshift of the main PL peak. Simultaneously,
sample areas covered with 1-ML-thick WL decrease,
which might explain the quenching of the WL emission.
Further increase in QDs lateral sizes, which occurs after
RTA at higher temperatures, cancels the lateral confine-
ment of carriers. A blueshift of the PL peak, observed
after RTA in this temperature region, is due to an
intermixing of the modified WL, which is enriched by
indium from dissolved QDs. This blueshift is similar to
that of the PL peak in the RTA samples with WL only
(see Fig. 5). This must result from low Ga/In interdif-
fusion coefficients, characteristic for proximity-capped
samples.

On the contrary, in the SiO,-capped samples, a large
number of Ga vacancies form at the SiO,/GaAs inter-
face during RTA. This is due to a fast Ga outdiffusion
into the SiO, layer during thermal annealing [25]. Those
Ga vacancies diffuse into the QDs region during RTA,
enhancing the In/Ga interdiffusion through a dot/cap
interface [12,13]. That process mainly affects the QDs
height, which results in a blue-shift and narrowing of
an optical emission, with no destruction of the three-
dimensional carrier confinement in the QDs. It is very
likely that the density of Ga vacancies introduced during
RTA with SiO, capping is much larger than the concen-
tration of strain-induced vacancies around the QDs
(especially in the case of low-density QDs). This would
explain presumably weaker lateral intermixing and pre-
serve the three-dimensional confinement in SiO,-capped
RTA QDs reported in the literature. It has to be noted
that some previous reports confirm the three-dimensional
confinement in InGaAs/GaAs QDs after RTA under
proximity capping [6]. In our opinion, this points out
the role of stress in the intermixing process. InGaAs/
GaAs QDs investigated in the cited work were larger
(30 nm) and their surface density was lower ( 4X10®
cm™?2) than in the case of InAs QDs investigated in our
report. Both factors are likely to decrease a strain in the
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structures, which might explain the difference in the
annealing results.

5. Conclusions

In conclusion, we studied the effect of thermal treat-
ment on the proximity-capped structures of self-assem-
bled InAs/GaAs QDs and InAs WL. TEM shows a
complete dissolution of QDs into surrounding WL after
RTA at T=800 °C for 30 s. Substantial thickening of
the modified WL is observed after RTA at higher
temperatures. It has been shown that the blueshift of the
PL peak accompanies those morphology changes. It is
proposed that the strain-enhanced lateral In/Ga interdif-
fusion is responsible for the fast disappearance of QDs
in the investigated samples. This process may be of
importance in proximity-capped annealing, when no
group IIT vacancy formation takes place at the sample/
capping interface.
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Abstract

While providing a general overview over the current status of self-organization of quantum islands in the II-VI semiconductor
system, with the main focus on CdSe embedded in ZnSe, this paper shall give an introduction to the possibilities opened by a
modification of the standard growth technique. In molecular beam epitaxy, we have substituted the generally used Cd-elemental
source with a CdS-compound source. The sulfur is usually not included in the growing layer. However, its presence can be
surfactant-like while the elevated Cd-temperature of the dissociated CdS leads to changed thermodynamic conditions on the
growth front. Using migration enhanced epitaxy, nearly perfect quantum wells with respect to lateral homogeneity can be obtained
by suppressing the inherent Cd segregation and clustering. These processes are generally responsible for the formation of small
islands (SI) (lateral diameter 3—5 nm) even when not attempting to grow island like structures. The suppression of these SI was
a first step to gain control over the island formation. Larger islands with central Cd concentrations above 40% are more of interest
for device applications, since a population at room temperature is necessary. In particular, high-density systems are required.
Using the modified growth mode, well correlated, stacked island systems were obtained. Their outstanding structural and optical
properties will be discussed in detail. The absence of a closed wetting layer in the CdSe/ZnSe system and the appearance of
island like structures, even at submonolayer nominal deposition, further corroborate the assumption that island formation does not
readily occur in a standard Stranski—Krastanow growth mode, which is assumed for InAs/GaAs. © 2002 Elsevier Science B.V.
All rights reserved.

PACS: 68.65.Hb; 78.67.Hc; 78.55.Et; 78.20.Dx; 78.66.Hf; 81.05.Dz

Keywords: MBE growth; Self-organized structures; CdSe/ZnSe; Quantum islands

1. Introduction stacking of the QDs. With this method, the first out-

standing near infra-red emitting laser devices have been
demonstrated by various groups [9]. For CdSe-based
islands, the formation mechanisms are not completely
understood, and recent results indicate that the formation
does not occur in an SK mode, but rather is driven by
a strong tendency of segregated Cd to form clusters.
The strong differences in growth kinetics and island
formation mechanisms are responsible for the very
different behavior of CdSe based islands, as compared
to the classical InAs/GaAs-system. In particular, to
obtain a controlled island formation with predictable
island sizes and ordering appears to be difficult as the
competition between island formation and misfit dislo-

The large variety of new possible applications exploit-
ing the quasi zero-dimensional nature of quantum dots
(QD) has drawn attention to self-organizing semicon-
ductor systems, such as the well investigated InAs/
GaAs [1] and II-VIs like CdSe/ZnSe [2—4] and CdTe/
ZnTe [5,6]. The latter system would be suitable for
optoelectronic devices in the green visible spectral range.
InAs QDs form on GaAs in the Stranski—Krastanow
(SK) mode [7]. Elaborated techniques like indium flush
[8] allow for very controlled embedding and coherent
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Fig. 1. Color coded Cd concentrations obtained by CELFA for a series
of CdSe/ZnSe layers with varying nominal CdSe deposition: (a) 0.5
ML; (b) 1 ML; (c) 1.5 ML; (d) 2.5 ML; and (e) 3.5 ML. Cd con-
centrations are given in [%] according to the color code. Cd accu-
mulations corresponding to SIs are observed even for 0.5 ML: one LI
was captured for 3.5 ML.

[10,11]. In the following, we will discuss the implica-
tions and demonstrate ways to partially overcome some
of these problems.

2. Classical growth methods

Using molecular beam epitaxy (MBE) under standard
growth conditions (employing elemental Cd and Se at
growth temperatures in the range of 270-320 °C), island
formation has been demonstrated by various groups
[2,12,13]. First indications that quasi-zero-dimensional
states might play a role in the strong lateral localization
observed in CdSe/ZnSe submonolayer structures date

back to 1993 [14]. Nowadays, it is common knowledge
[15-18] that a type of smaller island is generally formed
when embedding CdSe in ZnSe, which we will refer to
in the following as ‘small islands’ (SI) for simplicity.
Fig. 1 demonstrates this unintentional type of islands
which manifests in Cd accumulations of typically 3-5
nm lateral diameter in a series of quantum wells (QW).
Composition evaluation by lattice fringe analysis (CEL-
FA) [19] allows a direct access of the Cd concentration
in ternary (Cd, Zn)Se alloys with respect to pure ZnSe.
The color code is directly related to the Cd concentration
as given in the individual figures. The thickness of the
QWs was varied from 0.5 to 3.5 ML deposited by
controlled atomic layer epitaxy (ALE) where one shutter
cycle corresponds to approximately 0.5 ML [20]. Sur-
face activated interdiffusion leads to the generally broad
Cd distribution in growth direction. A strong indication
for this mechanism is the fact that all distributions,
shown in Fig. 2, have basically the same width (=11
ML), while the central Cd concentration increases with
increasing nominal deposition and is independent of the
total cap layer thickness. The appearance of islands even
for a sub-monolayer deposition and the absence of a
closed wetting layer corroborate the assumption that SIs
do not form in an SK mode.

The SIs are of general interest for investigating
fundamental physical properties of quasi-zero-dimen-
sional systems [5,21-24], in particular, lateral interac-
tions, which can be observed by time and temperature
resolved optical measurements. The SI, however, are not
suitable for room temperature device applications since
they are unoccupied due to thermal activation at tem-
peratures above 150 K [25,26]. The time-evolution of
the photoluminescence (PL) for the 2.5 and 3.5 ML
QWs containing SIs from Fig. 1 is shown in Fig. 3. A
strong lateral interaction is indicated by a pronounced

35 T T T T

[Cd] [%]

0O 10 20 30 40 50 60
distance in [001]-direction [ML]
Fig. 2. Cd concentration profiles extracted from Fig. 1 with a typical,

approximately Gaussian distribution. The labels correspond to (a—e)
of Fig. 1; the curves are shifted horizontally for clarity.
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Fig. 3. Time resolved PL maps for: (a) the two thicker QWs of Fig.
1 consisting of laterally strongly interacting SIs. (b) A sample con-
taining LIs with weak lateral interaction, mirroring in a reduced red
shift with time. The evolution of the respective PL maxima has been
indicated by a white line.

red shift of the luminescence emission peak, which is
explained by the lateral transfer of excitons into deeper
neighboring islands with time. This is only possible
because the typical SI densities are of the order of
5X10''-10'2 cm~2. The appearance of phonon replica
with a distinct temporal evolution fingerprint points to
a recombination of the transfer exciton in a different
island and gives a hint of how this transfer is achieved:
by phonon assisted hopping [27].

Large islands (LI) with a higher central Cd concen-
tration of more than 40% and diameters of the order of
10 nm are desired for potentials deep enough to allow
a room temperature population [18]. Such islands are
formed if the nominal CdSe coverage exceeds =~1.8
ML [28]. Density and sizes can roughly be controlled
by intentional Ostwald ripening, i.e. introducing short
growth interrupts of the order of few seconds. LI
densities are typically of the order of 1-5X10'° cm™?
and are possibly more comparable to the SK islands
observed in the III-V system InAs/GaAs. The lateral
interaction between these islands is weaker due to the
larger average distance, and the pronounced red shift
observed in Fig. 3b is reduced in comparison with the
SI, since excitons recombine in the LI in which they
were captured initially; see also [13,29].

It has to be noted that the formation mechanism of
the LIs is not yet understood. These islands are subject
to a strong Ostwald ripening when left uncapped if the
nominal CdSe deposition exceeds 2.5 ML [28] and can
be associated with a stacking fault when exceeding a
maximum size [30-32].

In order to control the formation of Lls, techniques
such as low temperature ALE have been introduced
[3,13,33,34]. However, it would be desirable to avoid
the extensive temperature ramps when growing multi-
layer stacks. Introducing sulfur in the growth process by
using CdS as a Cd supply seems to allow a rather
reproducible formation of CdSe-based LlIs. The islands
are directly formed at the standard growth temperature
of the ZnSe buffer layer at 280 °C.

3. Introducing sulfur by using a CdS compound
instead of elemental Cd in MBE

In order to gain control over the island formation, we
first tried to suppress island formation all together. The
technique that proved to be most suitable was to substi-
tute the commonly used Cd-elemental source with a
CdS-compound source and use a migration enhanced
growth mode with long waiting times after the Cd
deposition to allow excess Cd to chemically bind onto
the surface [11]. While the interface driven interdiffusion
remains a problem (as seen in Fig. 4), the Cd segrega-
tion and clustering could be almost completely sup-
pressed, as demonstrated by the rather sharp interfaces
and the plateau-like Cd distribution observed for these
QWs. Few Cd accumulations are observed which may
be associated with stacking faults propagating and pen-
etrating the layer from the GaAs/ZnSe interface. The
strain field leads to an attraction of Cd or even an
enhanced interdiffusion Cd/Zn, which is consistent with
the findings Shubina et al. [35] and LiierBen et al. [36].
The photoluminescence (PL) emission spectral half-
width (shown in [11]) is, at 12 and 16 meV, respectively,
close to the theoretical limit for ternary QWs, where a
random distribution of the Cd leads to an inhomoge-
neous broadening [37,38]. Calculations according to the
model of Mathieu et al. [39] lead to the suggestion that
in the calculations used, the valence band offset between
CdSe/ZnSe of 16% [40] needs to be corrected to higher
values when considering the absence of Sls, since this
type of laterally varying potential was neglected in the
early measurements of (Cd,Zn)Se-based quantum struc-
tures [11].

Using a CdS compound source has several advantag-
es. The oven temperature is, at 650 °C, much higher
than for elemental Cd (220 °C) allowing the incoming
atoms/molecules to transfer a higher thermal energy to
the surface, which possibly leads to a higher surface
temperature and a higher mobility or diffusion length of
adatoms. As has been shown by Goldfinger et al. [41],
CdS decomposes into atomic Cd and sulfur dimers when
desorbed. The low sticking coefficient of sulfur with
respect to Se, therefore, leads to only a minor sulfur
contamination <2% [42]. Schikora et al. [43] have
recently shown by the observation of the recovery of a
streaky 2D-RHEED (reflection high energy electron
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Fig. 4. CELFA of two quantum wells grown by CdS+Se MEE. Nominal CdSe deposition: (a) 1.6 ML; (b) 3.2 ML. Panel (c) shows the Cd
concentration profiles extracted from (a) and (b). The steepness of the flanks is mainly resolution limited.

diffraction) pattern, typical for flat surfaces, that the
presence of a massive sulfur flux may cause a resolution
of previously formed CdSe islands. In our case, only a
small amount of sulfur is present at the surface, which
may act as a surfactant improving the CdSe nucleation.
In case of the QWs, the long waiting times lead to a
complete desorption of the sulfur, while in the case of
continuous growth the presence of the sulfur seems to
enhance the nucleation of islands. In that matter, a more
controlled island formation was achieved, which enabled
us to coherently stack CdSe LlIs.

4, Stacked CdSe islands

To truly exploit the strong enhancement of the oscil-
lator strength in a narrow spectral range expected for a
quasi-zero-dimensional QI system, it is necessary to
guarantee a narrow ensemble size distribution and to
enhance the island density. This is best achieved by
subsequently stacking multiple QI layers with a suitable
spacer thickness. In the III-V case, elaborate techniques
allow for very good control of island stacks, which have
been used in the first devices [44].

Very few reports exist for II-VI systems of correla-
tions in stacked layers [6,31,32,45]. Early reports [45]
cover the dependence of correlation and anti-correlation
in short period submonolayer CdSe/ZnSe stacks on
stacking conditions such as barrier thickness. Litvinov
et al. [31,32] demonstrated coherently stacked islands
obtained at elevated growth temperatures of 400 °C in
triple stacks if the barrier thickness corresponded to 12—
20 monolayers (ML), while for a smaller thickness, a
complete intermixing due to interdiffusion occurred. To
study stacked LIs, we have chosen a spacer layer

thickness of 4 nm, i.e. 14 ML. Even though the
formation of LIs may not occur in the SK mode, the
strain induced by an underlying layer of islands leads
to a favorable accumulation of Cd on top of these
islands. Stacks with very similar appearance, as in
comparable InAs/GaAs structures, are formed, which
can be seen in Fig. 5. In this example, an unusually
high central Cd concentration above 80% has been
observed; for further details, see Kurtz et al. [16]. The
resulting contrast inversion allows the island stacks to
be easily distinguished from the surrounding regions,
which consist of laterally strongly interacting SIs
[25,27]. This region will be referred to as uncorrelated
region (UR) in the following, since no direct positional
correlation could be observed for SIs in subsequent
layers in CELFA. In PL, two transitions can be distin-
guished, which are assigned to the emission from the
correlated LIs and the UR, as shown in Figs. 6 and 7.
While similar spectra are observed from InAs/GaAs
single layers showing wetting layer and island emission,
in the case of CdSe/ZnSe based single layer structures,
only one emission band is observed in general. This
emission band corresponds to the LI band if a sufficient
number of radiating LIs are present or to the SI band if
the LI density is too low. The stacking appears to
improve the ordered LI formation. The high quality and
homogeneity of the stacks is demonstrated by the rather
narrow PL linewidth of typically 30-40 meV. It has to
be noted, however, that initially formed islands are
partially dissolved in the cap layer [42], which changes
the appearance of the islands to a pancake or lens shape.
The emission energy is more two-dimensional like, and
seems to be determined by the island height rather than
the lateral size, which generally exceeds the exciton
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Fig. 5. Cross-sectional (002) dark field TEM images of a sample with
50 stacked layers with 4 nm ZnSe spacers. The island stacks are
clearly observable by the contrast inversion owing to a rather high
central Cd concentration of more than 80% [16].

Bohr radius and can vary between 20 and 50 nm within
one sample. Nevertheless, the lateral size remains rough-
ly constant within a single stack, as seen in Fig. 5.
With an increasing number of stacked layers (2, 4
and 8) the UR-PL band is enhanced as shown in Fig.
6. Two reasons could be responsible. The higher proba-
bility of finding deeper localization sites within the SI
contained in the UR by vertical interaction can reduce
the transfer of excitons from the UR to the LI stack.
Even more reasonable appears to be the saturation of
the LI emission due to the strong vertical interaction of
the stacked islands. A vertical localization is expected
within one stack due to variations in the island sizes.
Thus, the stack states can be filled and the number of
deepest LI states does not increase with increasing the
number of stacked layers, while the weaker vertical
interaction of the SIs leads to an increasing number of
SI states proportional to the number of stacks, which
can be seen in an approximate doubling of the integrated
intensity of the UR peak for twice the number of layers;
see Fig. 6. Furthermore, only a minor red shift occurs
for the UR region when increasing the number of layers,

— ' 5%

- LI-stack UR ]
c (a)
S10°
g 3 (b) 1
5,
> ©
‘210%,] J
2
=
|
Q- 10%

ZnSe Y-line
2.3 2.4 2.5 2.6 Energy [eV]

Fig. 6. Photoluminescence spectra for a series of stacked CdSe layers
with constant nominal CdSe deposition (=2 ML) and varying number
of layers: (a) two; (b) four; and (c) eight layers, respectively. The
barrier width was set to 4 nm.

showing that these layers are mainly independent while
the strong red shift of the LI stack corroborates the
assumption of a strong interaction within a single stack.

As shown in Fig. 7, an increasing total CdSe deposi-
tion at a fixed number of stacked layers of 12 leads to
an enhanced splitting of the LI and UR emission, which
is an indication of the increasing height of the LI islands
with respect to the SI, while both types gain in the
central Cd concentration.

Looking at the temperature dependent PL intensity of
the intermediate sample (b) of Fig. 7, plotted in Fig. 8,
a strong transfer of excitons into the LI stack is observed
by the enhancement of the LI emission at temperatures
above 50 K. Excitons are easily thermally activated

PL Intensity [arb. un.]

21 22 23 24 Energy[eV] 26

Fig. 7. Photoluminescence spectra for a series of stacked CdSe layers
with constant number of layers (12) and varying nominal CdSe dep-
osition: (a) 3-4 ML; (b) =2.5 ML; and (¢) =2 ML. The CdSe
growth rate was approximately twice as fast than for the previous
series leading to a smaller LI-UR separation, as smaller islands are
formed. Sample (a) contains stacking faults bounded by 60°-dislo-
cations starting in the first CdSe layer. The islands are aligned along
these similar to [35].
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Fig. 8. Arrhenius plot of the PL intensity vs. the inverse of temperature demonstrating the thermal activation of excitons from the UR (full
squares) which are then captured by the LI (open circles), indicated by a strong increase of the LI intensity at temperatures above 50 K.

from their localization in the SIs into the continuum of
the UR as mentioned in Section 2. These excitons can
then be recaptured by the LI stack, thus feeding the LI
emission with an activation energy of =~8-9 meV
corresponding to 90-100 K. The activation energy for
a depopulation of the LI, at =70 meV, corresponds
reasonably well to the energy separation of 82 meV
between LI and UR emission peaks observed at low
temperatures.

5. Conclusions

Using a modified growth technique we have demon-
strated that the suppression of Cd/Zn segregation can
lead to QWs with very weak lateral confinement. In
contrast, a better control over the island formation is
achieved and it was possible to obtain well-correlated
CdSe-based quantum island stacks. The optical proper-
ties gave a first insight into interactions between the
various types of islands and will allow a very detailed
study by time- and spatially resolved PL in the future
to gain a better insight into the fundamental physical
transfer mechanisms and types of interactions.
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CdTe/ZnTe quantum dots—growth and optical properties
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Abstract

This paper gives an overview of molecular beam epitaxy growth aspects and of optical properties of CdTe quantum dots grown
on ZnTe by self-assembly. It is shown that quantum dots in this material system can be obtained either by depositing CdTe at a
high substrate temperature or by subjecting CdTe layer to a healing process, up to 70 s long before its capping or, eventually, by
applying these two methods simultaneously. Moreover it is found, that one can also use the atomic layer epitaxy method to
achieve the formation. From optical measurements performed on large quantum dot ensembles it is found out that the quantum
dot emission is much broader than that from quantum wells, and that it is observable up to much higher temperatures, which
indicates strong exciton localization. The latter is also evidenced by an insensitivity of the decay time of the exciton recombination
(~300 ps) to the temperature. From the presence of a second, very long decay time (~5 ns) and from disappearance of the
sharp lines related to recombination in single dots, the acoustic phonon scattering of excitons is found to play an important role
in these quantum dot structures. From a magnetic field dependence of the single dot emission energy, the exciton effective g-
factor and spatial extension of the exciton wave function are deduced to be equal to —3 and 3 nm, respectively. Both the g-factor
and the value of the diamagnetic shift are found to be independent of the energy of the quantum dot emission at B=0 T and of
the in-plane symmetry of its potential. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Cadmium telluride; Molecular beam epitaxy; Nanostructures; Optical spectroscopy

1. Introduction The formation of the QDs is evidenced by optical
spectroscopy measurements. The low temperature lumi-
nescence (PL) emission is characterized by a broad
band [5] which exhibits roughly temperature independ-
ent decay time [7-9] equal to 300 ps, as long as the
effects of carrier redistribution between the dots do not
play an important role [8,10]. When decreasing the size
of the excitation laser spot this inhomogeneously broad-
ened emission splits into a series of sharp lines with the
linewidth of approximately 100 pweV [11-13]. However,
with an increase of the temperature the sharp line pattern
disappears, as does the intensity of the emission, which
is characterized by a very long decay time of the order
of several nanoseconds [14-17]. These effects are
ascribed to a broadening of the single dot PL line caused
by acoustic phonon scattering of excitons [14,17].

The results of PL experiments performed with ultra-
high spatial and spectral resolution on CdTe QDs show
that the optical properties of an exciton localized by a
single QD potential strongly depend on the in-plane
symmetry of the particular QD. Namely, for elongated
QD the exciton line splits into linearly polarized doublet
*Tel.: +48-22-843-1331; fax: +48-22-843-0926. [9,13,18]. Furthermore, it is found that the reduction of
E-mail address: macko@ifpan.edu.pl (S. Mackowski). the dimensionality results in an enhancement of the

In this paper several aspects of growth and optical
properties of self-assembled CdTe quantum dots (QDs)
in ZnTe matrix are reviewed. This particular material
system is interesting from the point of fabrication of
QDs [1-3] since the lattice mismatch between these
two constituents is similar to that of InAs/GaAs [4],
which is the most widely studied system in the context
of QDs. However, as one can expect, different chemical
properties of II-VI compounds such as diffusion coef-
ficients could influence the formation process of this
type of nanostructure [5].

We indicate that both healing of CdTe layer after its
deposition on ZnTe as well as growth of CdTe at the
substrate temperature higher than that used typically for
obtaining high quality quantum wells (QWs) [6] result
in the formation of three-dimensional structures with
nanometric scale on a two-dimensional layer. Moreover,
the formation of QDs is also observed when a CdTe
layer is grown by atomic layer epitaxy, as reported by
another group [3].

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
PII: S0040-6090(02)00319-X
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effective excitonic g-factor. Surprisingly, the value of g-
factor is found to be independent either of the QD
confinement energy as well as of the particular in-plane
symmetry of the dot. From the magnetic field depend-
ence of the emission energy the value of exciton dia-
magnetic shift is obtained [11] from which, in turn, the
extension of excitonic wavefunction is evaluated to be
equal to 3 nm. This value agrees reasonably with the
average size of the QDs estimated from transmission
electron microscopy data [1].

The present paper is organized as follows. After a
detailed description of the samples which includes not
only the growth conditions but also the procedure of
obtaining small apertures in a metal mask (making
experiments with single QDs possible), the experimental
set-ups which were used for investigating the optical
properties of QDs are briefly presented. In the next part
the results of optical experiments are discussed starting
from PL characterization of the samples. Then the
temperature and the time dependencies of the PL emis-
sion are described. The experimental part is completed
by a description of microluminescence spectroscopy as
a function of the temperature and the magnetic field.

2. Samples and experimental details

The investigated structures were grown by molecular
beam epitaxy on (100)-oriented GaAs substrates. In
order to avoid dislocations formed due to lattice mis-
match between GaAs and CdTe, first buffer layers of
CdTe and ZnTe with the thickness ranging between 4
and 5 wm were grown. Since one of the purposes of
viewed studies was to describe the influence of the
growth conditions on formation of the quantum dots,
several procedures of CdTe deposition were employed.
Usually, the growth of high quality CdTe quantum wells
(QWs) was carried out at a relatively low substrate
temperature, namely at approximately T=300 °C [6].
At such temperatures the surface diffusion is quite low
which results in sharp interfaces between barriers and
the well layers. From that point of view an increase of
the substrate temperature enhances the mobility of atoms
on the surface which could lead to the formation of
structures which can localize excitons stronger than in
QWs. Another parameter that can help in a process of
a QD formation could be the time between stopping the
growth of the CdTe layer and capping it next with a
ZnTe barrier. If that time is long enough one can expect
that the atoms can migrate more easily on the surface.
Thus, the effect of such a growth interruption is quali-
tatively similar to an increase of the substrate tempera-
ture. However, in the latter approach some amount of
the deposited material could be desorbed from the
surface.

The results presented in this paper were basically
obtained for four groups of structures. All samples are

Table 1

Parameters of the samples studied in this paper: substrate temperature,
time of healing, nominal CdTe thickness and the number of CdTe
layers

Sample Substrate Healing Nominal CdTe Number of
number temperature (°C) time (s) thickness (ML) CdTe layers

1 480 0 5 10
2 300 0 5 10
3 300 70 4 10
4 300 0 4 10
5 420 10 1.5 10
6 420 10 2 10
7 420 10 2.5 10
8 320 0 2 1 (ALE)
9 320 0 4 1 (ALE)

listed in Table 1 together with the substrate temperature
during the growth, time of growth interruption (healing),
number of CdTe layers as well as the nominal thickness
of the CdTe layer. The last two samples containing just
a single CdTe layer were grown by the atomic layer
epitaxy method. In all these samples the ZnTe capping
barrier layers were thick enough to prevent any inter-
action between neighboring layers of quantum dots [2].
The reason for growing 10 layers of CdTe QDs was to
enhance the optical response from each sample. On the
other hand, the samples that contain only one layer of
CdTe QDs were explored by means of single dot
spectroscopy methods.

Various experimental methods were employed to
investigate the optical properties of these structures. The
continuous wave PL was excited non-resonantly above
the ZnTe barrier gap energy (A=457 nm line of an
argon laser). The emission was analyzed by a Jobin-
Yvon spectrograph equipped with a LN,-cooled charge-
coupled-device (CCD) detector. The temperature of the
sample was changed from 4.2 to 200 K. The exciton
dynamics was studied by time-resolved PL utilizing the
time-correlated single photon counting technique. In this
case the signal, after being dispersed by a monochro-
mator, was detected by a fast microchannel plate. As an
excitation source for time-resolved PL experiments the
frequency-doubled (370 nm) Ti:sapphire laser giving 6
ps long pulses with 80 MHz repetition was used. The
temporal resolution of the set-up was equal to 40 ps.

Apart from these methods, which probe the whole
QD ensemble, the techniques that allow studying single
quantum dots were also used. It becomes possible
basically either by focusing the laser spot on the sample
surface or by patterning the sample in order to allow
optical probing of a very limited number of dots. Part
of the microluminescence measurements was performed
in a set-up, which allowed to reduce the spot of the
laser down to the 2 wm in a diameter by the microscope
objective. The sample was mounted in the continuous-
flow helium cryostat and the temperature was changed
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from 6 to 100 K. As the excitation the 514 nm line of
an argon later was used, while the PL emission was
detected by a CCD camera after being dispersed by a
double 1 m monochromator. The spectral resolution of
the set-up was equal to 20 peV. However, due to the
large surface density of the dots in the studied structures,
by the use of the above-described set-up it was not
possible to isolate single emission lines even if a sample
contained only one layer of the dots. Thus, in order to
suppress further the influence of an inhomogeneous
broadening of the QD-related PL emission band (arising
from the size, chemical composition or strain fluctua-
tions), the opaque metal (Au/Pd) masks with small
apertures were fabricated on the sample surface by
electron beam lithography and standard lift-off tech-
nique. The size of the apertures estimated by atomic
force microscopy was found to be as small as 150 nm.

High-resolution PL measurements were carried out at
T=42 K at magnetic fields up to 12 T applied parallel
to the growth direction. As the excitation source the 514
nm line of an argon laser was used. The laser beam was
focused on the sample surface by using a microscope
objective down to a spot with the diameter of approxi-
mately 0.7 wm. In order to resolve the polarization of
the light, the emission was analyzed either by a linear
polarizer or by a quarter wave plate combined with a
linear polarizer. For spectral detection the signal was
dispersed by 0.64 m Jobin-Yvon monochromator and
detected by a LN»-cooled CCD detector. The spectral
resolution of the set-up was approximately 100 peV.

In the following part the experimental results obtained
for the CdTe/ZnTe quantum structures will be described
in detail together with the analysis of the data. We will
start with the PL characterization of the structures and
after that the results of the temperature dependent PL
and time-resolved PL experiments will be discussed
followed by microluminescence spectroscopy both as a
function of temperature and magnetic field.

3. Experimental results and discussion

3.1.  Photoluminescence
structures

characterization  of the

Low temperature (T=4.2 K) luminescence spectra
for all samples listed in Table 1 are presented in Fig. 1.
In the case of the sample grown at the high substrate
temperature of 480 °C (Fig. 1a) as well as the one
subjected to 70 s healing after CdTe deposition (Fig.
1b) substantial differences are visible when comparing
the spectra with those obtained for QWs. Namely, in
both cases the PL line is broadened and the PL emission
shifts towards higher energies.

The most probable explanation of this behavior could
be an effective narrowing of the deposited CdTe layer
during the growth at such conditions. Namely, at higher
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Fig. 1. Low temperature (T=4.2 K) PL spectra for all studied struc-
tures: (a) growth at high substrate temperature (T=480 °C); (b)
growth with applying long time healing after CdTe deposition; (c)
growth at T=420 °C combined with several seconds long healing in
Cd atmosphere: (d) growth at 320 °C by atomic layer epitaxy. In two
first cases also the spectra of the reference samples are shown.

growth temperatures the desorbtion from the surface
becomes very important. This results with the narrowing
of the well width. Because the PL emission energy
increases with the decrease of the well width one can
see by comparing the data displayed in Fig. lab that
the narrowing of the well width is much stronger in the
case of sample 1. The blue-shift is almost twice as large
as in the case of sample subject to the healing. The
difference is intuitively understood since at such a high
growth temperature the desorbtion processes are expect-
ed to be very effective.

Together with the blue-shift and the broadening of
the PL lines in these two structures the lineshape of the
PL emission becomes more complicated and, in partic-
ular, it is no longer possible to approximate it by a
single Gaussian. In Fig. la the dashed lines show the
result of a fitting of two Gaussians to the PL spectra.
Both effects, the broadening of the PL linewidth and its
complicated shape can not be fully attributed to the
evaporation of CdTe during the epitaxy. The broadening
is most probably caused by two mechanisms. On the
one hand, due to the large lattice-mismatch between
CdTe and ZnTe, the CdTe/ZnTe interface is no more
ideally flat. Consequently, the well width fluctuations
are likely to occur. Then, if the exciton recombination
originates from such an ensemble of quantum wells with
different thickness, the observed emission should be
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obviously much broader than in the case of a quantum
well with flat interfaces. On the other hand, apart from
QW thickness fluctuations, the interdiffusion of Cd and
Zn across the interface seems to be also the process of
importance, apparently in the case of sample 1 shown
in Fig. 1a.

Both these effects are most probably responsible for
the observed broadening of the PL line in the investi-
gated structures. As will be shown in the following,
applying either a long healing time or growing the
structure at a high temperature lead to a strong excitonic
localization. The properties of excitons confined in these
two structures are very similar to that observed for self-
assembled quantum dots.

In Fig. 1c the PL spectra obtained for the structures
where both several seconds long healing (up to 10 s)
as well as medium-high substrate temperature (7'=420
°C) conditions were applied during the growth. In this
case for all three structures with a different nominal
thickness of CdTe (samples 5, 6 and 7), two emission
bands are present in the spectra. On the basis of the
results of optical measurements the high-energy emis-
sion is assigned to the recombination of excitons in a
two-dimensional quantum well, while the low energy
line represents the recombination in CdTe quantum dots.
Thus, at this stage we may assume that at these growth
conditions the self-assembly process takes place, which
leads to the formation of quantum dots. From the
transmission electron microscopy data reported else-
where, the average diameter and surface density of QDs
in these structures were estimated to be 4 nm and 10''-
10'2 cm™!, respectively [1].

However, as compared with the results reported for
InAs QDs in GaAs matrix, the CdTe/ZnTe structures
exhibit a substantial different behavior, which indicates
that the formation of QDs in the latter system is more
complicated than that observed for III-V compounds.
Namely, in the TII-V systems, when the transformation
of the growth mode occurs and the QDs are spontane-
ously formed on the thin QW called a wetting layer
(WL), the thickness of the WL remains unchanged even
if the material the dots are formed of is still deposited
on the surface [19-21]. In other words, after the
transformation all the material is accumulated within the
dots: their density as well as their size increases with
the increase of the nominal thickness of the QD layer.

Contrary to that, as evidenced in Fig. lc, with the
increase of the nominal thickness of CdTe both the QW
and the QD-related emission lines shift towards lower
energies. Moreover, together with this shift the ratio
between QW and QD recombination intensity is getting
smaller. This result indicates that when putting more
and more material (i.e. CdTe) on the surface both the
two-dimensional QW is getting thicker and the dots are
developing in sizes and density, as well.

Such a behavior is even more visible in Fig. 1d,
where the PL spectra for the structures grown by atomic
layer epitaxy are presented (sample 8 and sample 9).
Namely, in the case of the sample with the nominal
CdTe thickness of 2 ML one can easily distinguish both
QW- and QD-related emissions, while for the sample
with the nominal CdTe thickness of 4 ML the QW
emission is no longer present. The only visible line is
related to excitonic recombination in CdTe quantum
dots.

The absence of abrupt growth mode change, from a
two-dimensional to three-dimensional one, as observed
in CdTe/ZnTe material system, results in a gradual
change of reflection high-energy electron diffraction
(RHEED) pattern. Contrary to the case of II-VI semi-
conductor QDs [5], for InAs/GaAs materials sharp
transformation of the RHEED pattern, ie.: from a
streaky (characteristic for two-dimensional growth) to
spotty (characteristic for three-dimensional growth) was
observed [4]. In particular, such a change in RHEED
pattern is usually recognized as a signature of QD
formation during the growth. On the basis of scanning
transmission electron microscopy results obtained for
CdSe QDs in ZnSe matrix the following scenario for
QD formation was proposed [5]. At the early stage of
growth two-dimensional platelets are formed which may
be considered as precursors for coherent QDs formation.
Eventually, these two-dimensional platelets could form
a uniform QW. During this process coherent dots are
developed when more and more material the dots are
formed of is deposited. The optical spectra shown in
Fig. 1 reveal indeed the presence of such two types of
structures. This indicates that the QD formation in
CdTe/ZnTe system is very similar to that observed in
another II-VI material pair, namely CdSe/ZnSe one.

We would like to point out here, that although in
order to obtain self-assembled QDs we applied either
molecular beam epitaxy (samples shown in Fig. 1c) or
atomic layer epitaxy (samples shown in Fig. 1d), the
spectral features observed for these two types of struc-
tures are qualitatively very similar to each other. One
could then conclude that the principle of the dot for-
mation in this system is independent of the growth
method applied, although the parameters of obtained
QDs such as shape, size or chemical composition can
depend on the particular growth procedure.

3.2. Temperature dependence of the photoluminescence

In the following part the influence of the temperature
on the PL emission is discussed. From the results of
these measurements we can assign the high-energy
emission present in the majority of spectra shown in
Fig. 1 to a quasi two-dimensional excitonic recombina-
tion while the low-energy emission seems to be related
to excitons confined in quantum dots. Since, in general,
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Fig. 2. Temperature evolution of PL emission obtained for sample 1.
In the inset the dependence of the emission energy extracted from the
spectra is also given.

the observed behavior in the case of all structures was
quite similar, we shall consider only the case of the
sample 1 (i.e. the one shown in Fig. la), which was
grown at the substrate temperature equal to 480 °C.
The PL spectra measured for this particular sample at
different temperatures are presented in Fig. 2. With an
increasing temperature the spectra change substantially.
Namely, apart from shifting towards lower energies and
decreasing the total intensity of the emission, the shape
of the PL line also changes. While the emission observed
at T=4.2 K shows a rather complicated shape, which
requires at least two Gaussians to be used to model the
line (Fig. 1a), at sufficiently high temperatures (which
is above 100 K) the emission line could be nicely fitted
only by a single Gaussian shape. This allows, in turn,
to follow the temperature dependence of the energies
corresponding to the maximum emission of both bands
obtained from the fitting. The result is presented in the
inset in Fig. 2. The striking feature is that the observed
red-shift of the low energy peak with increasing tem-
perature is much larger than one would expect from the
temperature induced shrinking of the CdTe bandgap.
Qualitatively identical effects observed for other self-
assembled quantum dots were associated with the ther-
mally induced redistribution of carriers within the dot
ensemble [8,10,22]. Thus, one may preliminarily con-
clude that, due to a strong interdiffusion activated by a
high temperature of the growth, the fluctuations of e.g.
chemical composition present in the structure are able
to confine excitons. Then, the transfer of carriers
between those fluctuations with a different depth of the

corresponding potential causes the observed red-shift of
the PL energy.

In order to analyze the temperature dependence of the
PL intensity, which would provide the information about
the non-radiative recombination in the structure, it is
necessary to get rid of the influence of the carrier
redistribution effects evidenced by the large red-shift of
the energy. In other words, it is improper to trace the
intensity change with the temperature just by following
the shift of the respective energy peak of the PL
emission obtained by fitting. Since, as it is going to be
shown later, the energy shift with the temperature for
excitons localized in a single QD is described by the
temperature variation of CdTe bandgap energy, it is
reasonable to apply the following procedure to determine
the temperature dependence of the PL intensity. Namely,
for the certain energy position in the spectrum measured
at T=4.2 K the emission intensity as a function of the
temperature was determined at the photon energy that
follows the shift of the energy gap of CdTe. The energy
gap dependence of CdTe on the temperature was
assumed to be the same as reported previously for
CdTe/ZnTe QWs [6] with the temperature coefficient
equal to —0.34 meV/K. Such a procedure was carried
out for several values of initial PL energy at T=4.2 K.
The result of this analysis is presented in Fig. 3. The
solid points are the intensities of the PL line measured
for different energies marked by arrows in the inset of
the figure. The line represents the PL intensity depend-
ence on the temperature obtained for CdTe/ZnTe QWs
[6]. For an easier comparison, each curve in Fig. 3 was
normalized to its value at T=4.2 K. The obtained result
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Fig. 3. The analysis of PL intensity dependence on the temperature
performed for sample 1. The solid points are the intensities of the PL
line measured for different energies marked by arrows in the inset of
the figure. The line represents the PL intensity dependence on the
temperature obtained for CdTe/ZnTe QWs [6]. For easier comparison,
all data are normalized to the intensity at T=4.2 K.
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Fig. 4. The values of activation energies of the PL quenching as a
function of the emission energy at 7=4.2 K for different structures.
The open points are the values obtained for samples number 1 (dia-
monds) and 3 (triangles). The squares and the circles represent the
activation energies obtained for quantum well emission and QD PL
measured for samples 5, 6 and 7. The solid line gives the values
reported previously for CdTe QWs.

reveals a strong dependence of the PL intensity temper-
ature behavior on the energy. For the highest energy,
namely 2.3 eV (squares in Fig. 3), the intensity depend-
ence is identical as the one obtained for a pseudomorphic
QW (solid line). This indicates that the recombination
at this energy is predominantly related to excitons
localized in a QW-like potential. Recombination of these
excitons quenches rapidly with increasing temperature
due to their dissociation. This may explain fast disap-
pearance of the high-energy peak, as depicted in Fig. 2.
In contrast, the low-energy band is observed at much
higher temperatures. This is clearly evidenced in Fig. 3,
where the diamonds represent the temperature behavior
of the intensity of this band. Up to 50-70 K the emission
remains constant or its intensity even slightly increases.
Such an effect is commonly recognized as a character-
istic QD behavior [8,9,23].

Some more quantitative information about the exci-
tonic localization in the quantum structures can be
obtained by estimating the activation energies of the PL
thermal quenching. To fit the data the following formula
was used:

I=1,/[1+ Cexp(—EA/kT)]

where E, is the thermal activation energy of the exci-
tonic emission, C is the ratio of non-radiative to radiative
transition probabilities and I, is the proportionality
constant. The results are presented in Fig. 4, where the
activation energy of the PL quenching as a function of
the emission energy at T=4.2 K is plotted.

The open points represent activation energy obtained
for different emission energies for samples 1 (diamonds)

and 3 (triangles). Additionally, the results obtained for
samples 5, 6 and 7 are shown: the squares and the
circles represent the activation energy evaluated, respec-
tively, for the two-dimensional QW emission and for
QD-related luminescence. The solid line gives the values
reported previously for pseudomorphic CdTe /ZnTe QWs
[6].

The comparison between the activation energy
obtained for samples grown at different conditions indi-
cates that in the case of structures grown either at 7=
480 °C or with a long healing after CdTe deposition a
gradual evolution in the exciton confinement takes place.
Namely, starting from two-dimensional QW-like locali-
zation, with a decrease of the emission energy, the
excitons become further localized in all three directions,
resembling that in QD. Thus, we conclude that the
enhancement of the atom mobility during the growth
leads to the formation of quantum dot-like objects. This
conclusion is additionally corroborated by the presence
of clearly separated emission bands related to QW and
QD emissions in structures where both methods were
employed during the growth: the high substrate temper-
ature and the healing after QD layer deposition.

The results of PL temperature dependence which
allowed us to distinguish between QW-like and QD-like
exciton localization let us also concentrate in the follow-
ing only on one type of the exciton confinement, namely
that of QD zero-dimensional excitons.

3.3. Time-resolved photoluminescence

The degree of the excitonic localization influences
not only the steady state optical properties but has also
its strong impact on the dynamics of excitons in quantum
structures. As an example of the typical behavior, the
transients collected at T=1.8 K for several detection
energies for sample 1 are presented in Fig. 5. In the
inset, the extracted values of the decay time are also
shown together with the PL spectrum. A gradual
increase of the decay time value from 140 to 400 ps
with a decrease of the detection energy was found,
similarly to other systems with a large scale of potential
fluctuations [24,25). This increase, however, is not
purely related to a possible dependence of the decay
time on the size of the quantum dot but rather is an
evidence of some exciton scattering mechanism present
in a QD ensemble. One probable explanation of the
observed behavior would be the phonon-assisted tunnel-
ing between different quantum dots. Since the results of
Fig. 5 were obtained at low temperature one can exclude
the optical phonon contribution in this kind of process.
Thus, just low energy acoustic phonons could take part
in such a mechanism. In particular, the exciton—acoustic
phonon scattering processes were found to be responsi-
ble for the similar effects in thin CdTe/ZnTe QWs [26].
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Fig. 5. The transients collected at T=1.8 K for several detection ener-
gies for sample 1. In the inset, the extracted values of the decay time
are shown together with the PL spectrum.

Closer inspection of the time-resolved spectra reveals,
apart from the main decay discussed above, also a
second component, which is of approximately two orders
of magnitude lower in its intensity. Moreover, it is
substantially longer decaying, reaching up to 9 ns. When
studying the temperature behavior of the time-resolved
PL for all structures collected in Table 1 it is found out
that, as shown in Fig. 6, the intensity of the long time
component decreases quite fast with increasing temper-
ature. In contrast, the intensity connected to the faster
decay stays unchanged up to even T=100 K. Further-
more, the value of the shorter decay constant is inde-
pendent of the temperature until the redistribution of
carriers between the quantum dots with different locali-
zation potentials starts to influence the optical properties.
Namely, for temperatures higher than 30 K, the decay
time starts to depend on the excitation power. These
effects are going to be discussed elsewhere [27].

The presence of two decay times was very recently
reported for QDs in other material systems, in particular
for CdSe QDs in ZnSe matrix [15]. The origin of this
decay is still under debate, the possible explanations
will be considered in the next part of this paper devoted
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Fig. 6. Temperature behavior of the time-resolved PL obtained for
sample 6. The transients are normalized to the maximum intensity.

to the temperature dependence of the microluminescence
of QDs.

3.4. Microluminescence as a function of the temperature

When decreasing the number of the quantum dots
accessed in optical experiment, for example by reducing
the size of the laser spot, the broadened spectrum splits
into the sharp spikes related to recombination in single
dots. This is in contrast to the case of QW, where for
free excitons the PL emission does not depend on the
size of the probed area of the structure. In Fig. 7 the
results of a microluminescence at T=6 K obtained for
the sample with 10 layers of CdTe QDs with a nominal
thickness equal to 2 ML are presented. According to the
expectations, the spectrum measured with a micrometer
size laser spot consists of a series of narrow emission
lines superimposed on a broad PL band. The line pattern
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Fig. 7. Microluminescence results obtained at 7=6 K for sample 8.
The two spectra were subsequently one after another.
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Fig. 8. The comparison between individual QD emission lines measured experimentally and fitted by the Lorentzian shape. The spectra were

obtained for samples 5, 6 and 7.

is reproducible, as evidenced in Fig. 7, where two
spectra taken subsequently one after another are shown.
It is clear that the observed line sequence changes when
the laser spot moves from one place on the sample to
another. This fact demonstrates, indeed, that the quantum
dots with different parameters such as size and/or
chemical composition are participating in the total
ensemble broad emission shown in Fig. lc.

The linewidth of the individual lines was estimated
by fitting a Lorentzian shape to a spectrum of the single
dot and it was found to be in the order of 100 peV. In
Fig. 8 the comparison between experimentally obtained
lines (7=6 K) and those fitted is given for three samples
with different nominal thickness of CdTe layer. The
Lorentzian shape of the line is due to the fact that an
ideal quantum dot one should consider, in principle at
least, as a homogenous system (no inhomogeneous
broadening). There were, however, recent reports show-
ing that due to the interaction between a QD and its
neighborhood, the PL emission associated with that
particular dot could exhibit fluctuations of both its
energy and its intensity [28,29]. Also internal degrees
of freedom such as spin in magnetic QDs can contribute
to modification of the linewidth of the PL emission
[30]. The effect reported in [28,29] was, however,
ascribed to the changing of the charge configuration in
a QD surrounding induced for example by structural
defects. If such an effect is present then, obviously, the
measured linewidth strongly depends on the relation
between the duration time of the spectra acquisition and
the characteristic time of charge configuration changes
in QD surroundings. If the latter is much shorter, then
the measured linewidth will considerably increase with
the acquisition time. In an opposite case, the linewidth
measured for a single dot should not depend on the time
of collection of the spectra. In the case of CdTe QDs
studied in this paper the width of the lines related to a
single QD emission remained unchanged within the
timescale of hundreds of second. Additionally, we did
not observe any influence of either excitation power or

acquisition time on the single dot PL energy and on the
emission line width. The absence of such effects indicate
that our structures are either free from defects (which
was further confirmed by transmission electron micros-
copy measurements, where no signature of dislocations
or other structural imperfections were observed) or that
the charges on those defects that exist are frozen within
the timescale of collecting the spectra (typically approx.
1 min).

The temperature evolutions of the microluminescence
spectra obtained for the samples number 5 and 6 are
presented in Fig. 9. The spectra in Fig. 9a are normalized
in order to allow an easy comparison. The main result
of these experiments is that a sharp structure composed
of the lines related to single QD emissions quenches
with an increase in temperature, while the broad back-
ground survives up to much higher temperatures, simi-
larly to the case of CdSe QDs, as recently observed
[15,16]. Smearing out of the sharp lines correlates with
a decrease of the PL intensity related to the long-decay
component in the time-resolved spectra, as described
earlier (Fig. 6). This correlation allows, then, to assume
that both behaviors are caused by the same effect. Such
an assumption is supported by recent experiments per-
formed on a single dot, which reveals the presence of
two decay times in the time-resolved PL spectra [15],
with exactly the same values as those obtained by means
of macro-PL. measurements. On the basis of these results
we can ascribe the spread of the microluminescence
spectrum shown in Fig. 9a to an exciton—acoustic
phonon scattering in QDs. This scattering process was
found to be significantly enhanced in QDs as compared
with excitons confined in systems of higher dimension-
ality. Therefore, it can give rise to the broadening of the
line with temperature [17].

By following the single QD-related emission line it
is possible to extract the temperature dependence of its
energy shift and its linewidth, as presented in Fig. 9b.
The energy of a single emission line was found to
follow the shrinkage of the bandgap of CdTe (solid line
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sample 6. The spectra are normalized for an easier comparison. (b)
typical energy and linewidth dependence of the single exciton line
obtained for sample 5. The solid line represents the CdTe bandgap
temperature shrinkage, while points are experimental data.

in Fig. 9b) for most of the dots investigated. However,
the linewidth increases superlinearly with the tempera-
ture as reported for GaAs QDs [13]. Contrary to this
behavior, in both bulk semiconductor material and in
QWs, the homogenous linewidth of the excitons increas-
es linearly [13]. As discussed in [13] this is a direct
result of the 3-like density of states in QDs.

The single QD spectroscopy provides also the insight
into a particular in-plane symmetry of the dot. From
theoretical considerations [31,32] it is known how the
exchange electron-hole interaction and the symmetry act
on the internal exciton level structure. In particular, for
the in-plane symmetric QD (with a circular in-plane
potential) the bright exciton level (m=+1, m repre-
senting the effective spin of exciton) is two-fold degen-
erate and it is split from the dark exciton states (m=2
and m= —2) by the exchange interaction. However, if
the dot is elongated (asymmetric) which means that the
symmetry is lowered, the bright level degeneracy if
lifted.

In Fig. 10 the spectra measured for three different
quantum dots are shown in two linear polarizations,
along (110) and (1-10) crystallographic directions. It
is evidenced that both the sign as well as the magnitude
of the splitting vary from one dot to another. Moreover,
when analyzing the splitting for larger number of dots
it was found that these two parameters were distributed
randomly within the ensemble, with no systematic
trends. Since the splitting between the two linearly
polarized components is caused by the in-plane anisot-
ropy of the dot potential [9,13,16,18], then from the
obtained results we may conclude that there is no
preferential orientation of the elongation of the QDs in
our structures. The results of the PL measurements
performed on the entire QD ensemble, where no sign of
the anisotropy of linear polarization was found, support
additionally this conclusion.

3.5. Microluminescence as a function of magnetic field

Single QD spectroscopy performed as a function of
magnetic field offers a possibility to study the influence
of the confinement and the symmetry on the diamagnetic
shift and on the Zeeman splitting of excitons [3,11,18].
In Fig. 11 the PL spectra for two dots with different in-
plane symmetry are presented as functions of the mag-
netic field. The data were obtained for sample 9 through
apertures in a sputtered metal mask. In both cases with
an increase of the magnetic field the splitting between
the lines observed in different circular polarizations
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Fig. 10. Zero-field PL spectra measured for three different quantum
dots in two linear polarizations. The results were obtained for sample
9.
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Fig. 11. PL spectra obtained for the sample 9 at 7=4.2 K showing the magnetic field behavior of two QDs with different in-plane symmetry.

increases. Moreover, both spin-up and spin-down emis-
sion lines are slightly shifted to high energy due to the
diamagnetic shift of the exciton line. The fact that the
two emission lines are observed for every single dot
indicates that the spin relaxation time of excitons in our
CdTe QD is much longer that the time of the radiative
recombination. Indeed, as shown in [33], the linear
polarization of the QD ensemble emission does not
change at the time scale of several tens of nanoseconds,
although the decay time of excitonic recombination is
equal to 700 ps.

The influence of the in-plane symmetry on the optical
properties is observed in the polarization behavior of
the emission. Namely, in the case of the symmetric dot
(left panel) the emission is almost completely circularly
polarized already at B=0.5 T. Contrary to that, the
asymmetric QD emission is not completely polarized,
and even at the highest magnetic field used (B=5 T)
the degree of the circular polarization does not reach
100%. This is a consequence of the initial linear polar-
ization of the PL doublet related to in-plane asymmetry
of the zero-dimensional potential.

Concerning the exchange energy in CdTe QDs studied
in this work the only solid information, which appears
from the experimental results, is that the value of the
splitting between the bright and the dark excitonic levels
is larger than the Zeeman splitting caused by the
magnetic field. If it were the opposite case, then it
would be possible to observe the dark levels due to the
mixing with the bright states, as reported for larger
quantum dots [3]. Since, obviously, the magnitude of
the exchange interaction increases with a decreasing size

of the dot [34], then the absence of the levels charac-
terized by m=+2 is not surprising for such small
quantum dots as studied in present paper.

The model presented in Kuther et al. [11] and Kula-
kovskii et al. [18] enables to evaluate the extension of
the exciton wavefunction in a QD taking into account
the diamagnetic shift of the exciton. The value estimated
for our structures is equal to 3 nm, which agrees
reasonably with the size of the dots obtained from
transmission electron microscopy investigations [1]. Fur-
thermore, by fitting the magnetic field dependence of
the energy, the value of effective exciton g-factor was
obtained to be equal to —3. The value is almost twice
that obtained in bulk CdTe indicating that the g-factor
increases with a degree of quantum confinement. By
analyzing the diamagnetic shift and the value of the
exciton g-factor for several tens of QDs it was found
that both these parameters exhibit no systematic depend-
ence on the zero-field PL energy. This insensitivity to
the ground state QD energy may suggest that the
confinement of excitons is quite homogeneous within
the QD ensemble. The assumption is justified to some
extent by the result of theoretical modeling of CdTe
QDs [35] showing that in order to reproduce the PL
emission shown in Fig. 1d the size should vary from
2.6 to 3.4 nm. Thus, with respect to the CdTe exciton
Bohr radius (10 nm in bulk) this change is negligible.

4. Conclusions

The optical properties of CdTe/ZnTe quantum struc-
tures in dependence of their growth conditions were
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discussed. It was shown that growth either at a high
temperature of 480 °C or subjecting the CdTe layer to
a healing after its deposition lead to formation of
quantum dots. The self-assembly of quantum dots is
also achievable when a combination of these two tech-
niques as well as applying atomic layer epitaxy when
growing CdTe at 320 °C are used. Optical spectroscopy
allows unambiguous distinguishing of the type of the
excitonic confinement present in a particular structure.
The QD emission is observable up to temperatures of
approximately 200 K, considerably higher than in the
case of CdTe/ZnTe QW structures. Moreover, the QD
PL is characterized by two decay times at low temper-
ature: one at approximately 300 ps and the other one,
which is more than the order of magnitude longer. When
decreasing the laser spot size, the QD spectrum splits
into a series of sharp lines related to exciton recombi-
nation in single dots. The temperature dependence of
the long decay time as well as the disappearance of the
sharp lines with increasing temperature is related to
exciton—acoustic phonon scattering in single dots. The
single dot spectroscopy reveals that some of the dots
have an oblong in-plane shape, however, no preferential
direction of this elongation is found. From the magnetic
field dependence of the single dot PL the values of
diamagnetic shift and effective exciton g-factor are
estimated. Both these quantities show are independent
on the ground state emission energy of the dot as well
as of its particular in-plane symmetry.
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Abstract

The design of the vertical cavity surface emitting lasers (VCSELs) needs proper tuning of many different optical parameters
of those structures. So, the optimisation of the VCSELSs requires deep understanding of optical processes occurring in the active
regions of such lasers. In a series of MBE processes, active regions of VCSELs as well as the whole VCSELs were grown. The
active regions of the VCSEL structures were designed for A=1000 nm and 980 nm emission. They consisted of a pair of
distributed Bragg reflectors (DBRs) composed of AlAs and GaAs quarter wavelength layers and a cavity made of GaAs. The
cavities contained one or several quantum wells (QWs) made of In,,GaggAs. To optimise the optical characteristics of the active
regions, several experimental methods have been applied. The Bragg reflectors and the whole microcavities were investigated by
optical reflectivity. For selective excitation of a QW in a cavity active layer, a Ti—sapphire tuneable laser has been used. The fine
tuning between the QW emission and the cavity Fabry—Pérot resonance has been investigated by photoluminescence at varying
temperatures of the sample. For monitoring the temporal evolution of the luminescence from the active region of the laser, time-
resolved spectroscopy has been employed. The combination of many methods of optical investigations enabled a comprehensive
characterisation and as a result an optimisation of the whole laser structure. © 2002 Elsevier Science B.V. All rights reserved.

Keywords: Molecular beam epitaxy; Planar microcavities; Vertical cavity surface emitting lasers

1. Introduction

Vertical cavity surface emitting lasers (VCSELSs) have
attracted much attention in recent years because of their
potential for practical applications. VCSELs are also
fascinating objects of fundamental studies as they have
many dramatically different features in contrast with
conventional semiconductor lasers. A variety of different
devices have been demonstrated so far by using various
growth techniques [1-3]. One of the frequently used
methods of growing VCSELs is by molecular beam
epitaxy (MBE).

The laser cavity of a VCSEL is usually constructed
normal to the substrate plane by stacking multilayer
films including an active region and two dielectric
mirrors. Such a structure forms a Fabry-Pérot cavity
resonator. A dielectric mirror can be formed with a
periodic stack of quarter wavelength thick layers of
alternating high and low refractive index material. Such

*Corresponding author. Institute of Electron Technology, 32/46 Al
Lotnikéw, PL-02-668 Warsaw, Poland. Tel.: +48-22-5487-920; fax:
+48-22-8470-631.

E-mail address: reginski@ite.waw.pl (K. Regifiski).

a mirror is referred to as a distributed Bragg reflector
(DBR). The dielectric layers can be semiconductor
layers deposited via MBE growth. The active region
consists usually of a layer of GaAs of the thickness of
one wavelength or two wavelengths and of one or
several quantum wells (QWs) of InGaAs. (In our case
Ing ,,Ga, goAs has been applied.) The QWs are typically
situated in the antinodes of a standing electromagnetic
wave [4]. An example of such a structure is presented
in Fig. 1, which shows the whole VCSEL structure
designed for A=1000 nm emission. A 2\-cavity is
made of GaAs and contains 3X3 QWs made of
Ing 50Gag goAs.

The procedure of designing the MBE process for
growing the VCSEL structure comprises two classes of
problems. The first one is connected with growing the
materials of high quality for all parts of the structure.
This optimisation concerns GaAs, Al(Ga)As, and In-
GaAs compounds. The problem is typical for MBE
technology and can be solved by standard methods (see
Reginski et al. [5]). The second group of problems is
characteristic of the VCSEL structure. Optimisation of
such a structure requires a precise tuning of its main

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Fig. 1. Schematic VCSEL structure with 3 X3 InGaAs QWs active
region designed for A = 1000 nm emission.

parts—DBRs, GaAs cavity, and QWs. This is the reason
why the structure performance is very sensitive to
variations in thickness of layers and their compositions.
The wavelength of radiation from the QW depends on
both the composition and thickness. The reflectivity of
DBRs in the case of GaAs/AlAs reflectors depends on
the layer thickness in the mirrors. Similarly, the position
of the cavity resonance depends on the thickness of the
spacer layers between the mirrors and the QWs region
together with the phase of the reflection from the
mirrors. Thus, the optimal growth of the structure
requires simultaneous alignment of all three features.
However, some variation of those parameters can be
tolerated depending on how much variation in the
threshold and efficiency is acceptable from device to
device.

From the theoretical modelling as well as from the
test processes it follows that the structure perfection is
very sensitive to variation in thickness of the separate
layers and their composition [4]. So the required accu-
racy can hardly be achieved without additional non-
standard internal control in the MBE system. Thus,
besides the careful calibration of the growth rate and
composition, some non-standard methods of internal
control should be applied. Moreover, to test the grown
structures, we should combine several methods of post-
growth characterisation. The most important one is the
investigation of the optical properties of active regions.
It comprises post-growth characterisation of separate
DBRs, microcavities, and complete VCSEL structures.
Naturally, the experimental work should be combined
with theoretical calculations of the optical properties of
the structures.

The goal of this paper is a demonstration how to
combine different optical methods of post-growth char-

acterisation in order to optimise the VCSEL structures
and to achieve precise control of MBE processes. We
concentrate rather upon the methodology of measure-
ments than on the detailed experimental results. Special
emphasis is put on a time-resolved spectroscopy which
is a non-standard technique rarely used for such appli-
cations (see Shah [8] and the literature therein). It
allows us to study certain features of laser dynamics
before producing the complete VCSEL structure, which
is an element of novelty.

2. Design and growth of the structures

The structures investigated in this study were typical
active regions of VCSELs. They consisted of cavity
resonators with one or more quantum wells (QWs)
situated in the antinodes of a standing electromagnetic
wave. The thickness of the GaAs layer was typically
one wavelength (A-cavity) or two wavelengths (2\-
cavity). The DBRs were composed of semiconductor
layers (AlAs and GaAs) and the QWs are of
Ing20Gay goAs. An example of such a structure contain-
ing 3X3 QWs is presented in Fig. 1. To the structure,
for completeness, a cap layer is added, so in effect this
is the whole VCSEL structure designed for A =1000
nm emission.

The growth processes reported in this study have been
performed by the Elemental Source MBE technique on
a RIBER 32P machine equipped with ABN 135L
evaporation cells. The molecular fluxes were measured
by a Bayard—-Alpert gauge mounted on the sample
manipulator. The manipulator could be rotated so as to
place the Bayard—Alpert gauge at the standard position
of the substrate. Thus the gauge could measure the beam
equivalent pressure (BEP) of the As,, Ga, Al and In
beams.

For monitoring the state of the crystal surface during
the growth, a reflection high-energy electron diffraction
(RHEED) system with a 10-keV electron gun was used.
The RHEED patterns were registered by a CCD camera
and then processed in real time and recorded by a
computer acquisition system. This system consists of a
personal computer equipped with a frame grabber, two
monitors, and a high-resolution laser printer. The
RHEED pictures could be processed by a specially
written computer program and stored on a hard disc.
The system also enables us to register the RHEED
intensity oscillations and, as a result, to determine the
growth rate of a layer.

The substrate temperature was measured with a ther-
mocouple and simultaneously with an IRCON Modline
Plus pyrometer. This particular model of pyrometer is
specially designed to measure the GaAs surface temper-
ature by monitoring the radiation emitted in a narrow
range of wavelengths (0.940+0.03 wm) which is shorter
than the band edge of GaAs (but longer than
AlGa,_ As, x>0.25) at the temperatures which are of
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Fig. 2. Reflectance and photoluminescence spectra from the structure consisting of Bragg reflectors, \-cavity, and Ing,GagsAs QW.

interest for MBE (400-750 °C). The pyrometer is
connected to a computer system enabling registration of
the pyrometric temperature as a function of time. During
the growth of the structure, even if the temperature
registered by a thermocouple is constant, the pyrometric
temperature oscillates in time. The source of those
apparent temperature oscillations is the interference of
the radiation emitted from the substrate and the radiation
reflected at the underlying layer/grown layer and grown
layer/vacuum interfaces. The phase information and the
period of oscillations provide information on the actual
growth rate, whereas the mean value of the pyrometer
readout correlates with the true substrate temperature.
Analysis of the oscillation curve after the growth gives
a direct information about the thickness of all the layers
in the grown structure. Thus, the interference pyrometry
offers a convenient alternative to a standard laser reflec-
tometry when it is necessary to control growth rate of
layers with high precision.

The presented system enabled to control the growth
rate of the individual layers with an accuracy of approx-
imately 1%. More details about this control system can
be found in [6]. The procedure of calibration of the
growth process has been presented elsewhere [5].

The growth processes have been performed on heavily
doped (p- or n-type) GaAs substrates of (001) orienta-
tion. Sometimes, for optical pumping experiments, the
structures were undoped. The optimised growth temper-
atures were as follows: the GaAs:Be buffer layer was
grown at 590 °C; the AlAs/GaAs Bragg reflectors, the
GaAs cavities and the Iny,GaysAs QWs were grown at
a constant temperature 520 °C. The growth rate for
GaAs and AlAs was 1 wm/h. The background pressure

during the growth was 5X107® torr. The whole process
was performed without interuption. During the growth
of the main structure, the substrate temperature shown
by a thermocouple was kept constant. The pyrometer
readouts demonstrated that this method of regulation
leads to a really good thermal stabilisation of the
substrate.

The grown structures were initially characterised by
transmission electron microscopy (XTEM). It demon-
strated that the interfaces between separate layers are
sharp and the periodicity of the AllAs/GaAs layers is
in a good accordance with the project. The interfaces
between the QWs and the cavity as well as those
between the cavity and the Bragg reflectors are strait
and sharp. No defects of the structure are visible. This
is a proof that the InGaAs layers are stressed and no
misfit dislocations are generated. The detailed procedure
of XTEM characterisation has been presented elsewhere

[5].
3. Reflection and photoluminescence measurements

The process of optimising the technology comprised
post-growth characterisation of the separate Bragg
reflectors, the microcavities, and the complete VCSEL
structures. Optical properties of the grown structures
were investigated by optical reflectivity, photoluminesc-
ence, and time-resolved spectroscopy. The reflectivity
spectra were measured in an experimental arrangement
by using a halogen lamp as a source of incident white
light. After reflection the relevant wavelength was
selected by a monochromator and registered by a Ge
detector. Fig. 2 shows a typical reflectance spectrum
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measured from the structure consisting of Bragg reflec-
tors, A-cavity and In,,GaysAs QW. A reflectance spec-
trum for the whole VCSEL structure is presented in Fig.
3. The measured spectra are similar to those calculated
for ideal structures and exhibit the cavity resonance
centred in the high reflectivity band of the Bragg
reflectors. All the spectra exhibit broad stop bands,
where the plot is almost flat. The reflectivity within
those frequency intervals attains nearly 100%. The stop
bands are bounded by deep minima which also testifies
the good quality of the DBRs.

Photoluminescence (PL) measurements give us
important information about the InGaAs quantum wells.
To excite the quantum well, a Ti—sapphire tuneable laser
has been used. Depending on the size of the cavity we
observed either an enhancement or suppression of the
coupling of le—1hh electronic dipole transitions into the
resonant Fabry-Pérot mode of the planar microcavity
structure.

The structures were excited with a laser beam perpen-
dicular to their surface. The emission was recorded
either from the edge of the structure (in plane photolu-
minescence) or in the direction perpendicular to its
surface. The emission from the edge does not show any
modifications (comparing with a separate QW) and can
be treated as a reference. The emission from the surface
shows the resonance with a Fabry—Pérot resonator. The
large amplitude of this signal can be regarded as proof
of good tuning between the wavelength emitted from
the quantum well and the cavity resonance. An example
of PL measurements is shown in Fig. 2. This figure
shows a typical PL spectrum measured from the struc-
ture consisting of Bragg reflectors, \-cavity and
Ing,GaysAs QW. The narrow PL peak corresponds to
the case of good tuning.

The fine tuning between the QW emission and the
cavity Fabry—Pérot resonance has also been investigated
by PL for varying temperature of the sample. Even

when the whole system is not well tuned, we can test
the structure by monitoring the luminescence as a
function of temperature. By changing the temperature
we can shift the frequency of the wave emitted from
the QW and achieve the resonance for a certain
temperature.

The perfection of the cavity is characterised by the
quality factor Q (see Sale [4] for definition). In low-Q
cavities the spontaneous emission from QWs can be
described by the Fermi’s golden rule and the system is
classified to be in a weak coupling regime. In contrast,
in high-Q semiconductor microcavities the exciton and
photon interact coherently with each other forming a
new eigenstate of the system called a cavity—polariton.
The cavity—polariton can be considered as a two-
dimensional version of exciton—polariton in bulk semi-
conductors [7]. In such a case the system is classified
to be in a strong coupling regime. The energy difference
between these two polariton modes at the exciton—
cavity resonance is called the Rabi splitting. This split-
ting can be observed in reflection, transmission,
absorption, or photoluminescence spectra. In the case of
photoluminescence, under excitation above the exciton
gap, the energy separation between the two peaks as
well as their intensities depend on the detuning between
the exciton and the cavity. This detuning can be regu-
lated by changing the temperature of the sample. Such
a type of photoluminescence measurements is presented
in Fig. 4. The figure shows the luminescence spectra of
the sample containing a 2\-cavity made of GaAs with
3X3 QWs made of In,,,Ga, gyAs. The wavelength used
for excitation was 800 nm, i.e. the excitation was above
the band-gap in GaAs. The measurements were carried
out at variable sample temperature. At the temperatures
of 90 K and 100 K, we can observe the Rabi splitting
of the luminescence peak.

VCSEL 3x3 QWs
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Fig. 4. Photoluminesence spectra of a VCSEL structure with 3 X3
InGaAs QWs active region for variable temperature of the sample.
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The precision requirements concerning the MBE proc-
esses are presented elsewhere [5]. The results presented
above demonstrate good quality of grown structures,
comparable with the results obtained by other authors
(see Coldren et al. [3] and the literature therein). So,
we can conclude that applying the presented methodol-
ogy we can fulfil the assumed technological
requirements.

The dynamical behaviour of the emission from cavi-
ty—polaritons depends on the way of excitation, i.e. the
centre frequency and the bandwidth of the excitation
light pulse. At resonant excitation, the type of response
depends on whether only one or both of the two
polariton modes are excited. When only one of the
polariton modes is excited, the emission intensity from
the microcavity decreases monotonously with time, since
each polariton mode is an eigenstate of the system.
When two modes are excited simultaneously, one can
observe the mode oscillation, providing that the resolv-
ing power of the experimental set-up is sufficiently high.

In the case of non-resonant excitation, the excitons
are created at an energy above the exciton gap. In this
case, during the relaxation process, the phase coherence
of the excitons is lost. Moreover, the excitons are
distributed over a range of in-plane wavevector Kk,
where they couple to the ‘open window modes’. The
intensity of such modes is almost unchanged in com-
parison with those in free space. Therefore, under non-
resonant  excitation, the spontaneous emission
characteristics in the strong coupling regime is not much
different from that in the weak coupling regime. How-
ever, we can still observe the mode splitting.

The photoluminescence measurements presented
above are also connected with time-resolved spectros-
copy, which is the subject of Section 4.

4. Time-resolved spectroscopy

The time-resolved spectroscopy enables us to study
many important features of the active region of the laser,
such as the time of increasing of the spontaneous
emission after the excitation, the decay time of the
exciton population, the threshold of lasing action, etc.
[8]. These features are connected directly with the
perfection of the microcavity (characterised by the
quality factor Q) and its tuning to the oscillators (QWs).

The dynamics of the luminescence after excitation is
mainly determined by relaxation processes in the exciton
population. Thus, the time-resolved spectroscopy ena-
bles us to investigate the relaxation processes of the
excitons. The thermalisation and relaxation time of the
excitons is determined primarily by exciton—acoustic
phonon and the exciton—exciton interactions. The sec-
ond mechanism depends strongly on the density of
excitons and dominates for high densities.

VCSEL 3x3 QWs
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Fig. 5. Emission decay for an optically pumped VCSEL structure with
3X 3 InGaAs QWs active region for variable temperature of the sam-
ple. Experimental points are presented on a semi-logarithmic scale
and displaced vertically for clarity.

To measure time-resolved luminescence spectra, a
standard experimental set-up has been employed. It
consisted of a pulsed laser generating the exciting pulses,
a photomultiplier as a detector and time-to-amplitude
conversion electronics. The laser pulse width was 100
fs and the temporal resolution of the whole experimental
arrangement was approximately 50 ps. The wavelength
used for excitation was 800 nm, i.e. the excitation was
above the band-gap of GaAs. The set-up enabled us to
carry out the measurements at variable sample temper-
ature starting from 77 K until ambient temperature and
for different pulse energy.

All the time-resolved measurements presented below
were carried out on the sample containing a 2\-cavity
made of GaAs with 3 X3 QWs made of Ing,,Gag goAs.

As it was mentioned in the previous section, in the
case of non-resonant excitation in the strong coupling
regime we observe the characteristic Rabi splitting in
the luminescence spectra. In such a case, we can monitor
time-resolved luminescence spectra corresponding to
either peak. An example of such measurements is
presented in Fig. 5. The main luminescence peak is
attributed to the wavelength of 938.9 nm and the
secondary one to 937.7 nm. The measurements have
been performed for variable temperature of the sample
and at very low pulse energy of the excitation. This
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3X3 InGaAs QWs active region at 77 K for variable pumping pulse
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type of measurement confirms the nature of both the
luminescence peaks.

In what follows in this section, we will restrict
ourselves to the temperature of 77 K and the investiga-
tion of the dynamics of the main peak.

Shown in Fig. 6 are the examples of temporal behav-
iour of the emission intensity from the active region of
VCSEL for different excitation densities. It is well
visible that the luminescence intensity increases faster
at higher excitation densities. As it was expected, higher
density of excitons increases exciton—exciton interaction
and hence the rate of thermalisation of excitons. The
decrease of intensity at each decay curve shows a simple
exponential form. Such a behaviour is qualitatively
similar to the case of bare QW excitons in the strong
coupling regime. This part of the curve is dominated by
the population dynamics of the incoherent excitons
distributed over a wide range of k and in the different
spin states. Therefore, the excitons can couple to the
‘open window modes’ and radiate photons similarly to
the case of bare QWs. The ‘splitting’ of the uppermost
part of the decay curves is caused by a complicated
shape of the exciting pulse, which is composed of a
main pulse followed by a secondary pulse.

Another important feature shown in Fig. 6 is con-
nected with a threshold of lasing action. When the pulse
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Fig. 7. Photoluminesence spectra of a VCSEL structure with 33
InGaAs QWs active region for variable pumping pulse energy.

energy is greater than 1.13 nJ, the form of the decay
curves changes rapidly. First, the decay time is much
shorter than that for weaker excitations. Next, the height
of the two split peaks is almost equal, which shows
saturation of the luminescence. These results correlate
well with those presented in Fig. 7 where the lumines-
cence from the active region is presented as a function
of pulse energy of the exciting laser. It is evident that
above 1.13 nJ, both the amplitude and the shape of the
luminescence spectra change rapidly. The shape of the
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Fig. 8. Carrier lifetime vs. pumping pulse energy for a VCSEL struc-
ture with 3X3 InGaAs QWs active region.
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spectra does not represent properly the lasing modes of
the laser because of instability of the investigated sys-
tem. Nevertheless, certain characteristic features of the
mode structure are well visible. Moreover, the peak
amplitude for excitations above 1.13 nJ is two orders of
magnitude higher than that for the lower excitations.

The dependence of the decay time on the pulse energy
of the excitation is shown in Fig. 8. It is well demon-
strated that above 1.13 nJ, this time does not decrease
with increasing energy. It confirms our claim that this
energy corresponds to the threshold of lasing action.
Additionally, this plot enables us to estimate the tem-
poral resolution of the experimental set-up to approxi-
mately 50 ps.

5. Conclusions

We have presented several optical methods of post-
growth characterisation of the active regions of VCSELs
grown by MBE. The optical properties of grown struc-
tures were investigated by optical reflectivity, photolu-
minescence, and time-resolved spectroscopy. The
investigations comprised optical characterisation of the
separate Bragg reflectors, the microcavities, and the
complete VCSEL structures. Combining the selected
methods we were able to estimate in detail the quality
of the DBRs and the microcavities as well as the tuning
of the quantum wells to the microcavities. Optical
methods also enabled us to estimate whether the system
works in a strong coupling regime. Finally, we could

investigate in detail the threshold of the lasing action.
Thus, by using the above-described methods, we could
optimise the construction of the VCSEL structures.
Moreover, we have achieved a very precise ex situ
control of the MBE processes.
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Abstract

In this paper we report a systematic investigation of emission properties of microcavity devices [resonant-cavity light-emitting
diodes (RC LEDs) and vertical-cavity surface-emitting lasers (VCSELSs)] fabricated from molecular beam epitaxy (MBE)-grown
heterostructures. The optimization of such structures requires proper tuning of the wavelength of radiation emitted from the
quantum-well active region, the peak reflectivity of Drs and the cavity resonance. We demonstrate results of two techniques used
to study InGaAs/GaAs RC LED and VCSEL structures. The first method is spatially resolved photoluminescence, i.e. mapping
of the spontaneous emission and the cavity resonance wavelength over the whole epitaxial structure, which allows for precise
determination of wavelength tuning of the structure with resonant cavity. On the other hand, it should be borne in mind that the
frequency of the cavity resonance depends on the angle of observation. To study this effect we performed angle-resolved emission
measurements, which yield information about the directionality of RC LED emission. The results of the study provide a better
understanding of the physical processes underlying light generation in microcavity devices. The information provided by both
methods is crucial for designing optimum MBE growth processes and for selecting the areas of the wafer from which useful

devices can be fabricated. Since the measurements were made at room temperature they are directly applicable to devices. ©

2002 Elsevier Science B.V. All rights reserved.

Keywords: Photoluminescence; Photoluminescence mapping; Angle-resolved photoluminescence; Microcavity; Resonant cavity light emitting

diode (RC LED); Vertical cavity surface emitting laser (VCSEL)

1. Introduction

Vertical-cavity surface-emitting laser (VCSEL) and
resonant-cavity light-emitting diodes (RC LED) belong
to the new generation of semiconductor optoelectronic
devices. Such devices benefit from the utilization of
specific effects resulting from placing the active struc-
ture inside a Fabry-Perot-type microcavity. The main
advantage of resonant-cavity LEDs is higher emission
intensity, higher spectral purity and more directional
emission patterns. In addition, such devices are small in
size, which enables single-mode operation with large-
modulation bandwidth. Therefore, despite the compli-
cated growth technique, microcavity devices have
attracted much attention in recent years [1].

Epitaxial growth of VCSELSs and RC LEDs represents
possibly the greatest challenge among optical devices.
The high degree of complexity of the epitaxial structure

*Corresponding author. Tel.: +48-22-5487-920; fax: +48-22-
8470-631.
E-mail address: muszal@ite.waw.pl (J. Muszalski).

(often with more than 100 discrete epitaxial layers,
including complex composition and doping schemes),
along with the precision and uniformity required, has
posed strong limitations on the process and necessitated
a massive efforts at characterization to evaluate the
structures grown. One of the basic conditions to obtain
high quantum efficiency for surface emitter structures is
proper tuning of the wavelength of radiation emitted
from the active region (quantum well), the peak reflec-
tivity of DBRs and the resonance of the GaAs micro-
cavity (see Fig. 1). The optimum performance of the
structure requires simultaneous alignment of all three
features. This is the reason why the performance of
surface emitters is very sensitive to variations in thick-
ness of the individual layers and their composition.

In this study we mainly concentrated on the emission
properties of InGaAs/GaAs RC LEDs, although the
methods used are equally applicable to more complicat-
ed VCSEL structures. The device structures were grown
by molecular beam epitaxy (MBE) using a Riber 32P
reactor. Details of the growth can be found in our earlier

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V, All rights reserved.
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Fig. 1. Reflectance and photoluminescence spectra of surface emitter structure.

paper [2]. This technology allows control of the growth
rate of particular layers and their composition with high
accuracy (in our case better than 2%). In an MBE
reactor, molecular beams hit the center of a rotating
sample. However, due to the transversal distribution of
the molecular beam intensity, the growth rate is radially
non-uniform. This in turn produces a similar inhomo-
geneity in the layer thickness. This is an inherent
property of MBE technology, which cannot be complete-
ly eliminated. For typical 2-inch-diameter substrates, the
maximal difference in layer thickness over the sample
may reach a few percent. Such inhomogeneity of the
sample parameters means that proper tuning between
the quantum well (QW) emission and the cavity reso-
nance can be achieved only on limited area of the
sample (see Fig. 2). In general, the surface emitter
structures are very dependent on the capability and
limitations of the epitaxial process. Thus, the critical
issue is to non-destructively evaluate the wafers grown
with respect to the degree of tuning, and select material
for further processing. For that purpose we propose fully
automated, spatially resolved photoluminescence (PL)
mapping and angle-resolved local PL measurements.
This high-resolution technique consists of intensity and
peak-wavelength mapping over the whole epitaxial
wafer and is an extension of previously proposed inten-
sity mapping [3]. The information provided by the
spatially resolved PL maps are very useful for determin-
ing areas where the cavity resonance and QW emission
are aligned to each other. In addition, it should be borne
in mind that the frequency of the cavity resonance
depends on the angle of observation. This means that
emission from surface emitter structures shifts to shorter
wavelengths with increasing angle between the direction

of observation and the normal to the surface. Therefore,
the angle-resolved emission studies, as well as the spatial
PL mapping, are important for understanding the emis-
sion features of RC LED and VCSEL structures, as well
as the RC LED device itself, for which they help in
selecting a proper cavity design for high brightness and
maximum extraction efficiency of the diodes.

2. Experimental

In this paper we report a systematic investigation of
InGaAs/GaAs RC LED structures optimized for emis-
sion at 1000 nm. The design, fabrication and basic
characteristics of these devices have been previously

1000 1
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Fig. 2. Typical set of data representing wavelength distribution of PL
maximum from QW (white circles) and Fabry—Perot microcavity res-
onance (black circles).
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described [4]. The RC LEDs utilize the A-type resonance
cavity, constructed normal to the substrate plane by
stacking multilayer films, including an active region
(consisting of three 80-A Ing,Gay3As quantum wells),
a spacer and two dielectric mirrors. Such a structure
forms a one-dimensional Fabry-Perot cavity resonator
and, due to photon confinement, enhances and concen-
trates QW emission into a narrow (~1.5 nm half-
width), intense line [5].

For the PL measurements we used a tunable titanium—
sapphire laser pumped by an ion argon laser. The
exciting beam is focused on the sample by special
imaging optics, providing a spot diameter of the order
of 3 wm. The excitation wavelength of 700 nm at 300
mW of power allows penetration of the multilayer
structure deep enough to excite the optically active
region, but does not cause heating effects. The scanning
module used in spatial PL mapping is based on an X—
Y piezo-stage combined with mechanical encoders for
approximate positioning. The measurement points are
nodes of square mesh of constant step, which cover the
surface of the sample. A CCD camera records the whole
emission spectrum for the structure being investigated
for each measurement point at once. The same procedure
is then repeated for the next measurement point. How-
ever, saving and processing such a huge amount of data
is difficult, so each spectrum is numerically processed
and only the main signatures of the spectra, such as the
wavelength of PL maximum, the half-width and the
integrated intensity, are saved on disk. In this way we
obtain a set of three characteristic maps from each
measurement cycle. The spectral signatures are calculat-
ed in real time. The full measurement cycle takes on
average from 10 min to few hours, depending on the
wafer size, the resolution and the intensity of the signal.
The set-up used for angle-resolved photoluminescence
studies was analogous to the spatial mapping system.
The only difference is in the way the signal is detected,
i.e. a fiber-optic cable placed on rotary arm collects the
PL signal from a small solid angle for a particular angle
of observation, instead of collecting the signal from a
large solid angle, as is the case for the CCD camera.
The angle-resolved photoluminescence is locally inves-
tigated, but due to the fact that the sample is mounted
on an X-Y stage, the points at which measurements are
taken can be precisely identified, and thus the results
can be correlated with spatially resolved PL maps.

3. Results and discussion
3.1. Spatially resolved PL mapping

Before the final device structures were grown and
investigated, photoluminescence measurements were

made on substrate wafers and structures containing
device-active regions (3X QW) but no DBRs. In both
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Fig. 3. PL maps of n*-type GaAs substrates: the distribution of PL
maximum wavelength from (a) QW, (b) FWHM and (c) the intensity
of the PL signal.

cases the complete set of maps representing character-
istic features of the wafers being investigated was
recorded. These maps served as a reference when the
final RC LED structures were assessed and allowed us
to identify the areas of the wafers suitable for making
devices. All measurements were made on one-quarter 2-
inch wafers. Fig. 3 shows PL maps of the GaAs substrate
(i.e. PL peak wavelength, half-width and intensity). The
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Fig. 4. Set of device active region maps (3 X QW InGaAs/GaAs): the
distribution of the wavelength of PL emission from (a) QW and (b)
FWHM.

peak wavelength variations (see Fig. 3a) over the whole
wafer are within 0.5 nm (868.0-8685 nm) with no
specific pattern visible, except that the longer peak
wavelengths are observed at the outer edges of the
wafer. The full width at half-maximum (FWHM) value
is also very uniform and equal to approximately 40 nm
(Fig. 3b). Slightly higher values of the half-width (up
to 41 nm) are observed at the center of the wafer.
Finally, the PL intensity distribution is shown in Fig.
3c. It can be correlated with a typical liquid-encapsulated
Czochralski (LEC) crystal dislocation distribution. The
macroscopic distribution of dislocations over such
wafers demonstrates quadruple symmetry predicted the-
oretically [6,7] and observed experimentally [8]. The
variations of the FWHM can be interpreted as resulting
from the dislocation-induced strain in the substrate.
Nevertheless, all non-uniformities of the PL features
observed are small and within acceptable limits for
standard GaAs substrates.

The subsequent set of PL maps, shown in Fig. 4,
refers to a diode structure without DBRs. The map of
maximum PL wavelength (Fig. 4a) and map of FWHM
(Fig. 4b) provide information about uniformity of PL
features of active region, which consist of three InGaAs
quantum wells embedded in GaAs. The emission wave-
length distribution is practically constant, because the
several-percent change in QW thickness does not have
a significant influence on the ground-state exciton ener-
gy. The small differences observed in PL wavelength
and half-width can be explained as resulting from
inhomogeneity of the indium distribution (affecting the
QW composition) over the sample. The lower left corner
of the wafer emits the longest wavelengths. It corre-
sponds to the highest indium concentration in the quan-
tum wells, i.e. the lowest substrate temperature during
growth of the InGaAs layers. The lower right and top
left areas emit shorter wavelengths. The center of the
sample is characterized by high uniformity of the PL
wavelength: the differences observed do not exceed 2
nm. The source of the wavelength variation is the non-
uniform temperature distribution over the substrate
caused by preferential heat extraction by the substrate
holders (note the darker regions at the corners of the
wafer). In addition, the map of FWHM confirms the
uniformity of emission over the whole wafer (relative
changes of FWHM value are lower than 5%).

Fig. 5 shows mapping results for the final device
structure. The characteristic circular symmetry of the PL
wavelength distribution from the 3X QW active region
embedded in the GaAs cavity enclosed by DBRs is
evident (see Fig. 5a). The longest PL wavelength
(~1000 nm) is observed at the center of the sample,
where the thickness of the layers is the highest and the
PL wavelength decreases (down to 930 nm) moving
towards the edges of the sample. In the case of a A-type
cavity, the peak wavelength of the photoluminescence
emerging outside the microcavity is directly related to
its thickness. For the range of changes in the emission
wavelength observed, the optical thickness of the GaAs
microcavity (n=3.5) varies from 286 nm at the center
to 266 nm at the wafer edges. Although QWs emit at
practically a constant wavelength (approx. 997 nm) the
emission extracted from the structure is filtered by the
Fabry—Perot (F-P) resonance, which is strongly depend-
ent on the optical thickness of the cavity. The PL
intensity map is shown in Fig. 5c. The signal is largest
in areas where the peak of QW emission matches the
resonant cavity wavelength. The best coupling occurs at
975 nm, and the area of the sample for which this
condition is nearly satisfied takes the shape of a ring.
We can observe that the value of PL intensity is five-
fold higher in the ‘tuned area’ compared to that observed
at the center of the sample. The origin of the high-
intensity ring can be understood looking at Fig. 2, which
shows the wavelength distribution for QW emission and
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Fig. 5. Maps of characteristic features of RC LED structure: the dis-
tribution of PL maximum wavelength from (a) QW, (b) FWHM and
(c) the intensity of the PL signal.

that of cavity resonance. In addition, it can be noted
that the areas of greatest emission intensity in the final
structure overlap with the highest-intensity areas of the
substrate; however, emission tuning is still the main
factor determining the PL intensity. Finally, Fig. 5b
shows a map of FWHM of the structure emission. The

values of FWHM are largest in the areas where the QW
emission overlaps with the resonant cavity wavelength
(4.9 nm), and smallest in the center of the sample (3.2
nm). The distribution of FWHM values also takes a
regular ring shape.

In summary, the basic condition to obtain high quan-
tum efficiency for surface emitter structures is proper
tuning of the wavelength of radiation emitted from the
active region (quantum well) and of the resonance of
the GaAs microcavity. The performance of surface
emitters is very sensitive to variations in thickness of
the individual layers and their composition. PL mapping
can be used as the main method to assess the technology
and select material meeting the device requirements.

3.2. Angle-resolved photoluminescence

For the purpose of coupling light from an RC LED
into a multimode optical fiber, we are only interested in
the main emission lobe of the microcavity. Therefore, it
is important to obtain high light intensity along the
normal direction, where it best couples to the fiber. As
has been demonstrated in the previous section, in order
to obtain high quantum efficiency of surface emitter
structures, the wavelength of radiation emitted from the
quantum well must be tuned to the cavity resonance.
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Fig. 6. (a) Angle-resolved map of PL intensity for GaAs substrate
and (b) directional characteristics of emission presented in polar
coordinates.
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On the other hand, it should be borne in mind that the
frequency of the cavity resonance depends on the angle
of observation. This means that for the cavity, which is
positively detuned, i.e. for which cavity resonance
occurs at longer wavelength than QW emission, it is
possible to enhance the emission by extracting light at
a non-zero angle with respect to the normal direction.
This occurs, however, at the cost of the directional
emission characteristic, which becomes multi-lobed. We
now address these issues in some detail. To study the
above-mentioned effects, we performed angle-resolved
emission measurements, which yield information about
the directionality of RC LED emission. As a reference
we investigated the angular emission properties of the
substrate and the QW active region. Fig. 6a shows an
angle-resolved map of the photoluminescence of the
GaAs substrate. The horizontal axis represents the angle
at which emission is observed (0 refers to normal
direction) and the vertical axis represents the wave-
length; the tones denote PL intensity. The whole map is
characteristic for a particular point on the sample. For
bulk material the character of the map does not depend
on the position on the sample. In accordance with
expectations, the highest intensity of emission occurs at
the direction normal to the surface and then decreases
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Fig. 7. (a) Angle-resolved map of PL intensity of active region
(3XQW) and (b) directional characteristics of emission presented in
polar coordinates.
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Fig. 8. Angle-resolved spectra of photoluminescence intensity of final
RC LED structure: (a) positively detuned and (b) tuned; and (c)
directional characteristics of emission presented in polar coordinates.

with angle. Over the whole range of angles, the wave-
length of PL maximum equals 870 nm and corresponds
to the bandgap energy of GaAs at room temperature.
The FWHM of the PL signal is also constant and equal
to 40 nm. The integrated PL intensity vs. angle of
observation is shown in Fig. 6b. It agrees very well
with the theoretical dependence: I=1, cos().

The angle-resolved PL measurements of the QW
active region demonstrated similar behavior, i.e. there
was no difference in the spectra observed at various
angles. The map of angle-resolved PL of the QW active
region is shown in Fig. 7a. The PL maximum is observed
at 998 nm and the FWHM value is equal to 15 nm. The
integrated PL intensity vs. angle of observation shown
in Fig. 7b obeys the cosine law.
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When the QW active region is embedded in the planar
microcavity with DBRs, we deal with completely dif-
ferent behavior. In that case not only are the spectral
characteristics of emission modified, but we observe
also very complex directional features in the spectra.
The angular PL maps, shown in Fig. 8, exhibit different
features at different positions on the wafer. Their char-
acter depends on the tuning between QW emission and
the cavity resonance at a given point on the sample.
The general feature of angle-resolved PL is its shift to
shorter wavelengths with increasing observation angle
with respect to the normal direction. The first set of
results, shown in Fig. 8a, is characteristic for a positively
detuned area located at the center of the wafer (within
the high PL intensity ring, cf. Fig. 5c). The second set
shows features typical for tuned areas, i.e. from the high
PL intensity ring (see Fig. 8b). At the geometrical
center of the sample the cavity is the thickest, and the
resonance occurs at longer wavelength than QW emis-
sion, i.e. at 1010 compared to 995 nm. Consequently,
the PL intensity in the direction perpendicular to the
surface is rather low. With increasing angle of observa-
tion the cavity resonance moves towards shorter wave-
lengths and PL intensity grows, reaching a maximum at
34°, after which it decreases again. This behavior is
shown in Fig. 8a. The corresponding angular distribution
of emission intensity is shown in Fig. 8c. A full spatial
distribution of emitted radiation can be obtained by
rotating the characteristics around the normal to the
surface. If we observe the area of the sample which is
tuned (see Fig. 8b), the angular characteristics show the
same behavior in terms of wavelength shift. However,
in this case the maximum PL intensity is observed in
the direction perpendicular to the sample and the inte-
grated intensity characteristic is single-lobed (Fig. 8c).
In addition, the angular characteristics of the integrated
intensity are more directional (much narrower) than in
the case of emission from planar sources without a
microcavity. This is an important feature and a clear
advantage when coupling into the fiber is considered.
Thus, for tuned microresonators we obtain spectrally
concentrated, narrow emission with the majority of
photons emitted in the direction perpendicular to the
surface of the resonator, which may also be wavelength-
shifted by changing the angle of observation. Such light
sources can find interesting applications in molecular
spectroscopy, gas analysis and detection systems.

4. Conclusions

We report results of spatially resolved PL mapping
and angle-resolved PL measurements of surface emitter
structures (RC LEDs and VCSELs). We have found
that a small non-uniformity in the radial thickness of

the layers, inherent in MBE technology, does not prac-
tically influence the spectral position of PL emission
from QWs; on the other hand, it is high enough to
substantially influence the cavity resonance wavelength.
This makes it difficult to grow surface emitter structures
that are perfectly tuned over large areas. Results of PL
investigations confirm that the emission intensity from
RC LED structures is highest in areas of sample where
the optical thickness of the microcavity is equal to the
wavelength of emission from the QW. The high-resolu-
tion mapping method developed allows for identification
of areas of the wafer that meet design criteria and can
be used for device fabrication. The technique of global
spatially resolved PL mapping has been found very
useful in technological practice; however, the local
measurement technique—angle-resolved PL—is indis-
pensable for correct description of the emission charac-
teristics of microcavity devices. The optical studies
reported in this paper have strict connection with MBE
technology and should be useful for designing an opti-
mum growth process, and since the measurements were
made at room temperature they are directly applicable
to the devices. The results of the paper also contribute
to better understanding of light emission from optical
microresonators, where spatial dimensions are of the
order of the wavelength of light. Spontaneous emission,
which has long been believed to be uncontrollable, is
strongly modified. The changes include not only the
emission rate, but also the spectral purity and emission
pattern. The last two parameters were studied in consid-
erable detail in the present paper. These changes can be
employed to make more efficient and brighter optoelec-
tronic semiconductor devices.
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Abstract

We have studied the magnetic properties of (GaMnAs),,(GaAs), superlattices with magnetic GaMnAs layers of thickness
between eight and 16 molecular layers (ML) (23-45 A), and with non-magnetic GaAs spacers from 4 to 10 ML (11-28 A).
While previous reports state that GaMnAs layers thinner than 50 A are paramagnetic in the whole Mn composition range
achievable using MBE growth (up to 8% Mn), we have found that short period superlattices exhibit a paramagnetic-to-
ferromagnetic phase transition with a transition temperature which depends on both the thickness of the magnetic GaMnAs layer
and the non-magnetic GaAs spacer. The neutron scattering experiments have shown that the magnetic layers in superlattices are
ferromagnetically coupled for both thin (below 50 A) and thick (above 50 A) GaMnAs layers. © 2002 Elsevier Science B.V.

All rights reserved.

Kevwords: Ferromagnetic semiconductors; Molecular beam epitaxy; Semiconductor superlattices

1. Introduction

III-V Ferromagnetic semiconductors such as InMnAs
[1-5] and GaMnAs [6-11] have been gaining an
increasing interest in recent years due to the expanding
research activity in the field of spintronics [12], where
the possibility of integrating spin-dependent effects into
the electronic devices seems to be very attractive. In
this context, low dimensional structures like superlatti-
ces, quantum wires and dots incorporating ferromagnetic
semiconductor materials are particularly interesting. So
far, mainly two-dimensional structures based on III-V
ferromagnetic semiconductors have been investigated in
detail, however, the understanding of their properties is
far from being complete. In previous studies of super-
lattices (SL) with magnetic GaMnAs layers and non-
magnetic AlGaAs and InGaAs spacers the ferromagnetic

*Corresponding author. Tel.: +46-46-222-43-31; fax: +46-46-
222-47-10.

E-mail address: sadow@maxlab.lu.se (J. Sadowski).

properties were reported to disappear when the thickness
of the individual magnetic layers decreased below 50 A
[13-18]. On the one hand, recent theoretical modelling
of magnetism in GaMnAs quantum well structures [19],
based on Monte Carlo simulations on a confinement-
adapted RKKY exchange interaction model, predicts a
lower limit for the GaMnAs thickness of 9 ML (25 &)
for the ferromagnetic phase to occur. However, theoret-
ical modelling of magnetism in GaMnAs/GaAs SL
structures found no evidence of a corresponding Ga-
MnAs thickness limit [20]. Moreover, Jungwirth et al.
[20] predict an oscillating character of the magnetic
coupling between 7-ML thick GaMnAs layers in Ga-
MnAs/GaAs SL structures—antiferromagnetic or ferro-
magnetic depending on the GaAs spacer layer thickness.

Our results show that GaMnAs/GaAs superlattices
have a paramagnetic-to-ferromagnetic phase transition
for a magnetic layer thickness of eight molecular layers,
ie. 22.8 A, which is much below the 50 A thickness
limit previously reported [13-18]. We have also con-

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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Fig. 1. Reflection high energy electron diffraction (RHEED) intensity
oscillations recorded for the specular RHEED beam during the MBE
growth of a Gagy3Mngg;As (16 ML)/GaAs (9 ML) superlattice
structure.

firmed using neutron scattering experiments, that for a
GaAs spacer thickness of 4 to 6 ML there is a ferro-
magnetic coupling between GaMnAs layers [21].

2. MBE growth and properties of single GaMnAs
layers

GaMnAs samples were grown in a MBE system
(KRYOVAK) equipped with an As, valve cracker
source. As substrates we used semi-insulating, epi-ready
GaAs (100) wafers. The MBE growth of superlattice
structures was preceded by a standard high-temperature
(HT) growth of a 5000-A thick GaAs buffer. Subse-
quently, the substrate temperature was decreased to 200
°C and stabilized for 1 h. Afterwards, SL structures
were grown with 30-s growth interruptions at each
interface. The number of repetitions of the GaMnAs/
GaAs sequence was between 100 and 250 depending on
the type of structure.

The substrate temperature during MBE growth was
close to 200 °C, and the As, vs. Ga flux ratio was
chosen to be approximately 2. Before the MBE growth
of each GaMnAs/GaAs SL, the growth rates of GaAs
and GaMnAs were carefully calibrated using reflection
high energy electron diffraction (RHEED) intensity
oscillations. Analyzing RHEED oscillations recorded
during growth of different SL layers we have also
calibrated in situ the Mn composition in GaMnAs.
Because the sticking coefficients of Ga and Mn atoms
are equal to 1 at low growth temperature, the Mn
content in GaMnAs layers is proportional to the growth
rate increase of GaMnAs with respect to GaAs. Fig. 1
shows RHEED oscillations recorded during growth of
an SL structure having 16 monolayers (ML) of
Gapo3Mng o;As and 9 ML of GaAs.

As reported by several groups [22-24], the properties

of GaMnAs depend strongly on the LT MBE growth
conditions, such as substrate temperature (7,) and As/
Ga flux ratio. The differences in T, as well as in As/
Ga give different values of the lattice parameter of
GaMnAs [24,25]. In our case: T,=200 °C and As,/
Ga=2, and the relaxed (unstrained) lattice constant of
GaMnAs increases with the Mn content according to
the formula [26]:

a(Ga, _,Mn,As)=5.65469:(1 —x) + 5.9013x (D

This gives the lattice constant of LT GaAs as
A1 7Gans=5.65469 A, and that of a hypothetical zinc-
blende MnAs as ay,a.=5.9013 A. The first value,
ALtGaass 18 slightly higher than the lattice parameter of
bulk GaAs, as well as GaAs epilayers grown at standard,
high substrate temperatures (500-600 °C), which is
equal to 5.65333 A. The lattice parameter expansion of
LT GaAs is due to the presence of As antisites [27-
29], which are incorporated at the concentrations up to
0.5% [29] under LT MBE growth conditions. As it has
been previously found [28,30,31], the lattice expansion
depends linearly on the concentration of As antisites,
implying that the lattice parameter of LT GaAs deduced
from Eq. (1), as well as verified by X-ray diffraction
(XRD) measurements of LT GaAs layers grown under
the same conditions as GaMnAs, gives the concentration
of As antisites (As[Ga]) in LT GaAs. The lattice
constant @ 1,45 taken from Eq. (1) corresponds to a
concentration of As antisites equal to 3 X 10'° cm ™3,

The ayma, (zinc-blende)=5.903 A lattice parameter
is lower than the value of 5.98 A most frequently cited
by other authors [6,8,9]. It was confirmed recently by
Schott et al. [24] that ay,a, (zinc-blende) extrapolated
from the @ -xmawas VS. x relation depends on the
MBE growth temperature (7,), giving 5.90 A for 7,=
220 °C and 5.98 A in the case of 7,=270 °C. All
GaMnAs samples studied in this work were grown at
low substrate temperature (7,=200 °C) and the results
of Schott et al. are thus in accordance with our findings.

Theoretical work has shown that As antisites play an
important role in GaMnAs [32,33], strongly influencing
the magnetic properties of this material. Sanvito et al.
[32] found that not only the total concentration of
antisites, but also their position with respect to the Mn
ions are relevant for the magnetic properties of GaMnAs.

For the electronic structure of GaMnAs, the donor-
like character of As[Ga] is essential. As is well known
[6-9], Mn is an acceptor in GaMnAs. However, the
hole densities in GaMnAs, measured directly [34] or
calculated within the mean-field model using experi-
mental values of the ferromagnetic phase transition
temperatures [35], are only a small fraction (from 10 to
30%) of the concentration of Mn ions. The missing
holes can be associated with charge carrier compensation
by As antisites, which form deep donor states. However,
since the antisite density in our GaMnAs films is
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Fig. 2. Hall effect results for a 500-A thick GayoisMngssAs layer
capped with 100 A LT GaAs. The right side inset shows the low field
region dominated by the anomalous Hall effect. The left side inset
shows the high field region, at which the hole density has been deter-
mined from the R(xy) vs. B slope.

estimated to be 4X 10" cm™* or smaller, it means that
not more than ~ 10 ¢cm~? holes can be compensated
by these defects, whereas an order of magnitude higher
compensation would be necessary to explain the much
lower than expected hole concentration. Other mecha-
nisms based on hole localization [35,36] have been
proposed to explain the low value for the hole concen-
tration, but no definite explanation has been accepted
so far.

3. Hole density distribution

A high density of holes is a crucial factor for the
ferromagnetic phase to occur in GaMnAs as well as in
other ferromagnetic semiconductors [10,36-39], as is
described theoretically by several models [10,37,40,41],
and being well established experimentally [22,23,42].
We have measured the density of holes in 500-A thick
Gag g4sMng ossAs reference layers grown at the same
conditions (As,/Ga flux and substrate temperature) as
the GaMnAs/GaAs SL structures. Fig. 2 shows the Hall
voltage vs. magnetic field, measured at 70 mK and for
magnetic field intensities up to 22 T. In the low field
region, shown in detail in the right inset, the Hall
voltage traces the sample magnetization (anomalous
Hall effect), rising steeply for fields between 0 and 0.2
T and then saturating. In the high field region, shown
in detail in the left inset, the magnetization is saturated
and the ordinary Hall coefficient prevails. The Rxy vs.
B slope gives the concentration of holes as 2X10%
cm™3, which is slightly lower than the value of
3.5X10% reported by Ohno et al. [34] for GaMnAs
containing 5.3% Mn. This may be connected with the
lower growth temperature (200 °C) used by us. The
dependence of the GaMnAs lattice constant on Mn
concentration in our case [see Eq. (1)] compared to that

established by Ohno et al. [6,9] [giving ay,a. (zinc-
blende) =5.98 A] suggests, in connection to the obser-
vation of Schott et al. [24], that the GaMnAs samples
studied by Ohno et al. were grown at a higher temper-
ature than our samples.

Having established the concentration of holes in single
GaMnAs layers and knowing the concentration of As
antisites in the GaAs spacer layers it is possible to
calculate the hole concentration profiles in the GaMnAs/
GaAs SL structures by solving the one-dimensional
Schrodinger equation self-consistently with the Poisson
equation [43]. The results of such calculations for SL
structures with 8 ML GaMnAs and two different GaAs
spacer thickness: 4 and 10 ML, are shown in Fig. 3. A
50% difference in the maximum concentration of holes
in these two structures can be seen. The average hole
concentration integrated over the 8-ML thick GaMnAs
layer in the structure with 10-ML thick GaAs spacers
decreases significantly in comparison to the situation in
the SL structure with 4-ML thick spacers. It should be
noted, however, that our calculations are valid only
above T. (i.e. in the paramagnetic state). Below T,

p [cm'S] GaAs(4 ML) / Ga, ,Mn, , As(8 ML) V(z) [V]
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Fig. 3. Calculated hole densities—p(z) and electrostatical potentials
V(2) in Gayo3Mn, osAs (m ML)/GaAs (n ML) superlattice structures
for thickness of GaMnAs (m) and GaAs (n) being equal to: (a) m=
8, n=4; (b) m=8, n=10.
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when the Mn ions are ferromagnetically coupled, a
strongly asymmetric distribution of spin-up and spin-
down holes are predicted [44]. This asymmetry should
lead to an enhanced 7, since the spin-down holes
mediating the ferromagnetic interactions between Mn
ions are confined in the GaMnAs layers. The simple
model calculations used here are thus not expected to
give quantitative information on the hole concentration,
but are used to give the qualitative behavior of the
charge carrier concentration profiles in GaMnAs/GaAs
SLs and how it develops as, for instance, the spacer
layer thickness is varied.

For the set of samples with 8, 12 and 16-ML thick
GaMnAs, we observe that the ferromagnetic phase
transition disappears for structures with GaAs spacers
thicker than 10 ML. One possible reason for this may
be the above-mentioned decrease of hole concentration
in GaMnAs with increasing GaAs spacer thickness.
However, as can be seen in Fig. 3, the average hole
density in the GaMnAs layers in the SL with 10-ML
thick GaAs spacers is ~7X 10" cm 3, which according
to the mean field model of Dietl et al. [36] should yield
a paramagnetic-to-ferromagnetic transition at ~10 K in
GaMnAs with 7% of Mn. The disappearance of the
ferromagnetic phase in structures with GaAs spacers
thicker than 10 ML, should thus be caused by some
other effect than the low value of the hole density in
GaMnAs. One possible origin may be interface imper-
fections. The interface roughness of approximately two
monolayers, may give an effective thickness of the
magnetic GaMnAs layers smaller than eight monolayers.
This together with the low concentration of holes may
explain the disappearance of the paramagnetic-to-ferro-
magnetic transition in SLs having a spacer layer thick-
ness being larger than 10 ML.

4. Structural and magnetic properties of GaMnAs/
GaAs superlattices

Before the MBE growth of each GaMnAs/GaAs SL,
the growth rates of constituent SL layers were carefully
calibrated on a test sample via RHEED intensity oscil-
lations. The MBE growth of the SLs was controlled by
RHEED oscillations too. The sequence of shutter open-
ing times was chosen in such a way, that the growth of
each layer was terminated at the maximum intensity of
the specular RHEED beam, as can be seen in Fig. 1.
The thickness of the GaMnAs and GaAs layers was
thus controlled with a submonolayer accuracy. This is
in our opinion a key factor to obtain short period
GaMnAs/GaAs SLs structures with ferromagnetic prop-
erties. At each interface the growth was stopped for 30
s in order to enhance the surface smoothness. Using this
growth procedure it was usually possible to record
RHEED intensity oscillations for up to 50 superlattice
periods.

Ga, M, .As (12ML) / GaAs(6ML)
(004) Bragg reflection
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Fig. 4. (004) X-Ray Bragg reflection for a GaggssMilgg7,As(12
ML)/GaAs(6 ML) X 100 superlattice: (a) measured spectrum; (b)
calculated spectrum.

The structural quality of the SLs was estimated by
X-ray diffraction (XRD) measurements. Fig. 4 shows
an example of XRD results for the SL structure with
12-ML thick GaMnAs layers and 6-ML thick GaAs
spacers. The position of the zero-order SL (004) Bragg
peak as well as the positions of the satellites of order
+1 and —1 are well reproduced by XRD simulations.
The parameters extracted for each SL structure, that is
the thickness and the composition of each layer in a SL,
are in good accordance with parameters measured by
RHEED oscillations during the MBE growth. Fig. 5
shows the measured XRD spectra for three GaMnAs/
GaAs SL structures with 8-ML thick GagosMngosAs
and GaAs spacers having a thickness ranging from 5 to
9 ML in 2 ML steps. It can be clearly seen that the
angular spacing of the first-order satellites decreases
with increasing spacer thickness, which is in agreement
with the expected behavior for the XRD spectrum in a
system with increasing period. It should be noted that
the fact that only first order (and in some cases second
order) satellites can be seen in XRD spectra is due to
both low chemical contrast between GaAs and GaMnAs
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Fig. 5. (004) X-Ray Bragg reflections for Ga,oMngnAs (8
ML)/GaAs (n ML): (a) n=5; (b) n=7; (c) n=9.

with only up to 7% of Mn, and low lattice parameter
contrast (only 0.3% lattice mismatch between
Gag 9:Mng ;As and LT GaAs).

The reciprocal space maps measured by us for some
SL structures demonstrate in all cases that the SL
structures are totally strained to the GaAs(100) sub-
strate. In relation to this, the GaMnAs/GaAs SL struc-
tures are in a compressive strain state, which induces
in-plane magnetic anisotropy in this system [9].

Magnetic properties of GaMnAs/GaAs SLs were
investigated by means of magnetization measurements
using a superconducting quantum interference device
(SQUID). Fig. 6 shows SQUID results for a
Gago3Mngg;As/GaAs SL structure with a magnetic
layer thickness of 8 and 4-ML thick GaAs spacer layers.
The number of repetitions of the GaMnAs/GaAs

sequence was in this case equal to 100. The inset shows
magnetization vs. temperature curves for 0.8-wm thick
reference GaMnAs films with 5.5 and 7% of Mn. The
T, value close to 60 K for the GaMnAs/GaAs SL is
close to the value obtained for the single GaMnAs
sample containing 5.5% of Mn. Also, the saturation
magnetization measured at 4 K is the same for both
samples (~2 pg/Mn atom). It is interesting to find that
T, for the SL structure with Ga,q;Mn,,As layers is
higher than the transition temperature obtained for the
0.8-m thick reference Ga, 9;Mn, o;As sample. The aver-
age Mn concentration in the SL structure, calculated as
for a digital alloy, equals 4.67%. A single thick layer of
GaMnAs containing 4.67% of Mn has a T, value slightly
lower than that of GaMnAs with 5.5% of Mn (known
to exhibit the maximum value of 7. [9]). We have
verified by XRD measurements that this superlattice is
well defined (i.e. that there is a negligible interdiffusion
at the interfaces). It thus appears that the paramagnetic-
to-ferromagnetic transition temperature can be enhanced
when magnetic GaMnAs layers are separated by non-
magnetic GaAs spacers in a superlattice structure. Sim-
ilar type of behavior has been observed in digital GaAs/
MnAs structures [45], where fractional MnAs
monolayers (with 50% GaAs surface coverage) are
separated by GaAs spacers having a thickness of the
same order magnitude as the GaAs spacers in GaMnAs/
GaAs SL structures investigated in this work.

Recent theoretical work [44,46] interpret a T,
enhancement in SLs structures containing GaMnAs as a
result of confinement of spin-down holes in the magnetic
layers and predict in some specific cases 7, values in
SLs to be higher than in single GaMnAs layers [46].
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Fig. 6. Temperature dependence of the magnetization for a
Gay9:Mn, ;As (8 ML)/GaAs (4 ML) X 100 SL. The inset shows
results for two 0.8-m thick reference GaMnAs samples, containing 5.5
and 7% of Mn, respectively.
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Fig. 7. Temperature dependence of the magnetization for
Gag ogMng gsAs (12 ML)/GaAs (n ML) superlattices. In superlattice
structures with the thickness of GaAs being larger than 10 ML, no
ferromagnetic phase transition was detected.

The dependence of the magnetic properties on thick-
ness of the GaAs spacer can be seen in Fig. 7 for
GaMnAs/GaAs SLs with 12-ML thick GagggMng gsAs
layers. The magnetic transition temperature decreases
monotonously with increasing thickness of the GaAs
spacer; for a spacer thickness of 10 ML or larger, it was
not possible to detect a low temperature ferromagnetic
phase. Similar results with a ~10 ML lower limit of
the GaAs layer thickness have been obtained for Ga-
MnAs/GaAs SL structures with 8 and 16-ML thick
GaMnAs layers.

Structures with 8, 10, 12 and 16-ML thick GaMnAs
layers, as well as structures having much thicker Ga-

[ —=— GaMnAs(10ML) / GaAs(6ML) x 250 SL |
2850

24504 background level

1-st satellite intensity [counts]
N
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T T T T T T T Y T

10 15 20 25 30 35 40 45 50 55
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Fig. 8. Intensity of the first satellite peak in a Gago;Mngg,As (10
ML)/GaAs (6 ML). SL vs. temperature, detected in neutron diffrac-
tion experiments. An increase of the satellite intensity below T, indi-
cates that the adjacent GaMnAs superlattice layers are
ferromagnetically coupled.

MnAs layers (25 and 50 ML) were investigated by
polarized neutron reflectivity [47] and neutron diffrac-
tion [21]. In both cases, ferromagnetic coupling between
magnetic GaMnAs layers was detected for spacer layer
thickness of six to eight monolayers. Fig. 8 shows the
temperature dependence of the intensity of the first-
order neutron diffraction satellite for a GaMnAs (10
ML)/GaAs (6 ML) SL structure with 250 repetitions.
An increase in intensity of this satellite diffraction peak
below T, (T, was determined by SQUID measurements)
proves that the adjacent GaMnAs layers are ferromag-
netically coupled [21]. So far, we have not detected the
theoretically predicted [20] antiferromagnetic interlayer
coupling in this system.

5. Conclusions

We have observed a ferromagnetic phase transition in
GaMnAs/GaAs superlattices with ultrathin GaMnAs
layers (from 8 to 16 ML). This is much below the so
far established limit for the GaMnAs layer thickness
(50 A) at which GaMnAs/Ga(Al)As superlattices were
reported to lose their ferromagnetic properties. We have
verified that the paramagnetic-to-ferromagnetic phase
transition occurs in short period GaMnAs/GaAs super-
lattices with 8, 12 and 16 ML GaMnAs layer thickness.
In most cases, the ferromagnetic phase in these super-
lattices disappears when the thickness of the GaAs
spacer layer is larger than 10 ML (28 A). We interpret
this 10 ML spacer thickness limit for the ferromagnetic
phase in short period GaMnAs/GaAs superlattices as a
result of the decrease of hole density in the magnetic
layers due to diffusion and partial recombination of
holes in the GaAs spacer layers. At low spacer layer
thickness (4 ML) the opposite effect occurs—the tem-
perature of the paramagnetic-to-ferromagnetic phase
transition in SL structures is higher than in a thick
reference GaMnAs sample having the same Mn concen-
tration. The enhancement of 7, in this case can be
explained as an effect of confinement of spin-down
holes in the GaMnAs layers. Neutron diffraction meas-
urements on structures with 6 and 8§8-ML thick GaAs
spacers demonstrate that adjacent GaMnAs layers in the
SL structures are ferromagnetically coupled.
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Abstract

The MBE growth of Hg, ,Cd,Te alloys and type III HgTe/Hg,_,Cd,Te heterostructures has been discussed, including
similarities and differences between the (00 1) and (1 1 2)B orientations. Furthermore the MBE growth of HgTe based quantum
wells (QWs) with the incorporation of Mn are additional topics. An investigation of the optical properties of type III superlattices
with a normal band structure has lead to information about band structure of these heterostructures as well as information about
the interface and the semimetallic QW. For example, by means of the full 8 X8 Kane Hamiltonian in the envelope function
approximation, it has been demonstrated that the energy separation between the HI-El and L1-El intersubband transition
energies is primarily determined by the valence band offset, A, between HgTe and CdTe. This has led to unambiguous values for
the offset and its temperature dependence, i.e. A(T) =570+60 meV and dA/dT= —0.40+0.04T meV /K. Furthermore the energy
gap of HgTe at room temperature has also been determined. Magneto-transport measurements of n-type QWSs show very
pronounced Shubnikov-de Haas (SdH) oscillations and well developed quantum Hall plateaus for temperatures up to approximately
60 K. A large Rashba spin—orbit splitting of the first conduction subband, H1, has been observed in HgTe/Hg, _.Cd,Te QWs
with an inverted band structure. Self-consistent Hartree calculations of the band structure based on the above model allows us to
quantitatively describe the experimental results and demonstrates that the heavy hole nature of the H1 subband greatly influences
the spatial distribution of electrons in the QW and thus enhances the Rashba spin splitting, i.e. AEy, =Bkj. Furthermore, the
presence of two periodic SdH oscillations in p-type QWs with an inverted band structure has been observed and is the first direct
evidence that these heterostructures are indirect semiconductors. The influence of Mn in the upper barrier on the 2D electrons in
the well has been investigated as a function of their separation. With spacer thicknesses of 10 and 15 nm, no appreciable change
is observed, however, a reduction of the spacer thickness to 5 nm results in an increase in the maximum population difference
between the two Rashba spin split H1 subbands by a factor of approximately two. © 2002 Elsevier Science B.V. All rights
reserved.

Keywords: Molecular beam epitaxy growth; HgTe; Hg, _,Cd,Te; Superlattices; Quantum wells; Valence band offset; Band structure; Rashba
spin splitting; Indirect band gap

1. Introduction type doping, modulation doping of both n and p type
quantum wells (QWs), etc.
The band structure and hence the optical and electrical

The Hg,_.Cd,Te alloy has been one of the most
properties of type III heterostructures are largely deter-

commercially exploited alloys in recent decades. Both

bulk samples and epitaxial layers over the entire com-
position range can be produced. Due to applications
requiring increasingly complex heterostructures [1],
molecular beam epitaxy (MBE) is now one of the more
important growth techniques. The MBE growth and the
dependence of the composition and surface structure on
crystal orientation will be discussed. The topics include
surface structure, incorporation of Hg and Cd, n and p

*Corresponding author.
E-mail address: becker@physik.uni-wuerzburg.de (C.R. Becker).

mined by that of the QW. For example the band gap of
HgTe and its temperature dependence directly influences
the temperature dependence of the superlattice (SL)
subbands and thus the temperature dependence of the
intersubband transition energies [2]. The magnitude of
the negative band gap of HgTe at room temperature is
subject to large experimental uncertainties due to diffi-
culties in the conventional magneto-optical method at
temperatures above 100 K [3]. Another such property is
the deformation potential of HgTe relative to that of
CdTe which has only recently been experimentally

0040-6090/02/$ - see front matter © 2002 Elsevier Science B.V. All rights reserved.
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determined by means of an optical absorption investi-
gation of HgTe/Hg,;,Cd,esTe SLs under hydrostatic
pressure [4]. Furthermore, it has been shown that the
valence band offset is to a good approximation primarily
responsible for the energy difference between the first
heavy hole, HI1, and the first light hole, L1, subband of
a HgTe/Hg, _,Cd,Te SL with normal band structure [2].
This energy difference is nearly independent of other
SL parameters, and consequently leads to a precise
determination of the valence band offset, A, between
HgTe and CdTe.

The band structure and consequently the optical prop-
erties depend on the band structure of the QWs and
barriers, i.e. HgTe and Hg,_,Cd,Te, their widths, and
the potential energy differences between these two
components. The latter depends in turn on their com-
position, the valence band offset as well as the shape
and width of the Cd concentration profile across the
interfaces. A profile described by an error function
similar to an experimental profile according to Kim et
al. [5] is assumed and leads to a consistent description
of the experimental results. Finally, the width of this
interface, d, has been shown to be a convenient variable
for the study of interdiffusion in these SLs [6].

If the HgTe layer is less than 6 nm thick then the
heterostructure is a normal semiconductor, however, if
the thickness is greater than 6 nm then the band structure
is inverted, i.e. the I's and T’y bands exchange places
and the energy gap is negative. Magneto-transport exper-
iments have been conducted on both n and p type
modulation doped HgTe/Hg,_.Cd,Te QWs with an
inverted band structure. An analysis of Shubnikov-de
Haas (SdH) oscillations in gate controlled n type QWs
reveals a large Rashba spin—orbit splitting [7,8]. This is
due to the heavy hole character of the first conduction
subband. In a p-type QW two periodic SdH oscillations
are observed which are caused by the indirect band
structure [9].

2. Experimental details

The epitaxial alloys and heterostructures were grown
in a Riber 2300 MBE system as has been described
elsewhere [2,10]. After the growth of a thin CdTe buffer
layer, the alloys and heterostructures were grown on
(001) and (112)B oriented CdyosZn, . Te substrates
at 180 °C. The (00 1) QWs were modulation doped
symmetrically, on both sides of the QW, and asymmet-
rically, on one side only, with either iodine or arsenic
for n and p type structures, respectively. The
Hg,1Cd, ;Te barriers are comprised of a 50 A thick
spacer and a 90 A thick doped layer.

Asymmetric HgTe/Hg,1Cd,,Te(00 1) modulation
doped n type QWs, were grown with Mn in the upper
barrier. Mn is separated from the HgTe layer by means
of a Hg,,Cd,-Te spacer, which was varied between 5

and 15 nm. Then a Hg,, ;Cd,, ;Te cap was grown, thereby
maintaining the same total thickness of all layers above
the HgTe layer, i.e. 34 nm.

The composition of the barrier material [11] has been
determined by means of transmission measurements on
thick test layers of Hg, _Cd,Te grown under identical
conditions. SL periods and HgTe(0 0 1) layer widths
have been determined via a dynamic simulation of the
(002) and (00 4) Bragg reflections measured in a six
crystal X-ray diffractometer [2]. A simulation of
(112)B oriented heterostructures is more complicated
and the results less accurate [12,13].

After growth of the QWs, standard Hall bars were
fabricated by means of a wet chemical etch, then a 200
nm thick Al,O, film, which serves as an insulating
layer, was deposited by electron beam evaporation.
Finally Al was evaporated to form a gate electrode.

Optical transmission measurements were carried out
in the middle and near infrared with a Fourier transform
spectrometer, Bruker IFS88. A LiTaO, detector was
usually employed rather than a liquid nitrogen cooled
detector e.g. Hg, _ Cd, Te, because of its better linearity.
The aperture was kept as small as possible for the same
reason, i.e. a diameter of 2-3 mm. The absorption
coefficient, a, was determined by fitting the experimen-
tal transmission spectra to a theoretical description of

the multi-layer system using standard matrix procedures
[14].

3. Theoretical details

A large number of k-p band structure calculations
using the envelope function approximation for the
HgTe/Hg, . .Cd,Te SL have been published during the
last decade [15-18]. A brief review of these and other
investigations pertinent to the results presented here can
be found in Ref. [2].

The bands of both bulk HgTe and CdTe are described
by Kane’s four-band model (8 X8 k-p) including sec-
ond-order remote band contributions. The envelope
function method has been used to calculate the band
structure of the HgTe/CdTe SL. The results of the axial
approximation are not exact, however, they give a good
approximation, within 1 or 2 meV, for the subband
energies at k;=0 as well as for an average of the
subband dispersion over all k; directions. Consequently
all absorption coefficient calculations and most intersub-
band transition energy calculations were carried out
using an adapted Hamiltonian in the axial approxima-
tion, in order to reduce the calculation time.

The effects of strain due to lattice mismatch were
also taken into consideration. The lattice mismatch
between HgTe and its environment is less than 0.1%
which results in a shift in intersubband transition ener-
gies of less than 3 meV and can therefore be neglected.
In contrast to the [0 0 1] direction [17], the strain tensor
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for the [112] direction has a shear strain component.
This results in a piezoelectric field in the growth
direction [19]. We have calculated the strain for a free
standing, strained (112)B SL and a fully strained
(112)B SL on a Cdgo¢Zngo.Te substrate. From these
results the piezoelectric field has been calculated to be
less than 5 mV /100 A whose influence on intersubband
transition energies is less than 1 meV and can therefore
be neglected in the calculations.

A revised set of values for the band parameters (A=
1.0 eV, vy,=4.1, v,=05, y;=1.3, F=0 and E,=18.8
eV) deduced from measurements on bulk HgTe and
Hg,_,Cd,Te by Weiler [20] were employed which nev-
ertheless reproduce the same bulk band structure:

mu(112)= ('Yl —2v,— %(’Ys - 'Yz)] lmo

=0.53m, (1)
and
min(00 1) =(y;—2v,) " 'my=032 at 5 K. )

The energy gaps of HgTe and Hg, _,Cd, Te were taken
from the empirical E,(x, T) relationship according to
Laurenti et al. [11] with the exception of HgTe at
temperatures greater than 5 K as discussed below. The
valence band offset between HgTe and Hg, _.Cd,Te is
employed as an adjustable variable and is assumed to
vary linearly with x for Hg, _,Cd,Te, i.e. xA [21]. An
interface width, d,, which results during growth or from
interdiffusion of the two types of layers was integrated
into the theory. The concentration profile across the
interface is described by an error function similar to an
experimental profile according to Kim et al. [5].

Self-consistent Hartree calculations of modulation
doped HgTe/Hg,_,Cd,Te QWs have been carried out
using Kane’s four-band model (88 k-p) described
above in order to quantitatively describe the observed
Rashba spin—orbit splitting, see Ref. [8] for details.

4. Results and discussion
4.1. Growth and characterization of Hg,_,Cd Te

The growth of undoped Hg,oCdo0Te(112)B has
been investigated with regard to the mobility w and the
surface structure [22]. The mobility has a maximum
value of approximately 3X10° cm? V™! s~! for a Hg/
Te flux ratio of between 150 and 180. In contrast the
void density has a maximum value of 6X10° cm™? at
low ratios and falls rapidly to a nearly constant value
of 2X 10* cm™2 for ratios >200. At a ratio of 180 the
void density is approximately 4X10* cm™2. In order to
obtain maximum mobilities, a Hg/Te flux ratio of 180
was employed for the n-type layers in this investigation.

Hence these samples have slightly higher void densities
than the minimum values.

The optimum Hg/Te flux ratio for the (112)B
orientation is about half of the optimum value for
Hg, 50Cdo20Te(0 0 1) according to He et al. [23]. The
latter value was chosen with regard to mobility and
density of hillocks. Obviously the incorporation of Hg
is more efficient in the (1 12)B alloys. This is also the
case for Cd; the Cd/Te flux ratio necessary to grow an
(11 2)B alloy with x=0.2040.01 at 180 °C is approx-
imately 20—-30% smaller than the ratio needed for the
same composition in the (0 0 1) orientation [10]; and a
(1 1 2)B alloy grown with only the CdTe and Hg sources
results in x=0.954+0.02, but a (001) alloy grown
under the same conditions has a composition given by
x=0.68+0.02 [2].

The n and p type doping of Hg,_,Cd, Te has been
investigated using iodine in the form of Cdl,, and either
arsenic as Cd;As, or plasma activated nitrogen, respec-
tively. n Type doping has been successful for the (00 1)
and (1 12)B orientations [10,22] over the entire com-
position range with the exception of large Cd concentra-
tions in the (1 1 2)B orientation. Producing p type alloys
is more difficult and to our knowledge in situ doping
has never been consistently successful. There is one
exception; CdTe can be p type doped with plasma
activated nitrogen up to concentrations of approximately
10'® cm™3, however, at high charge carrier concentra-
tions the crystalline quality is adversely effected. Nor-
mally p type doping of the alloy with As requires an ex
situ anneal in Hg vapor at high temperatures. Neverthe-
less p type conductivity has been achieved in HgTe
QWs by means of in situ doping and activation of
Cd;As, in a CdTe layer [24].

A low resolution atomic force microscope (AFM)
image of an Hgg¢,Cdy,oTe(1 12)B epitaxial layer is
shown in Fig. 1. Long parallel ridges and trenches are
observed whose height difference is approximately 30
A. These ridges and trenches are parallel to the edges
of the sample, i.e. the {110} surface. The (112)B
surface can be thought of as an (11 1)B surface with a
high ledge density [25]. If the height of the individual
steps is the distance between nearest neighbors, ie.
between cation and anion, then the distance between
steps is 11.2 A. Experimentally, a pattern in the reflec-
tion of high energy electron diffraction is observed
whose period in real space is 11.1+0.3 A, which is in
very good agreement with the above step width. These
microscopic edges are parallel to the [110] direction
and consequently parallel to the ridges and trenches
shown in Fig. 1. Apparently preferential growth along
these ledges result in these trenches and ridges.

The HgggoCdy20Te(0 0 1) surface [22], is radically
different. Nearly elliptically shaped mounds with a
height of approximately 300 A are observed which are
similar to the mounds observed on the HgTe(00 1)
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Fig. 1. A low resolution AFM image of a Hg;, 40Cdy20Te(1 1 2)B epitaxial layer.

surface by Oehling et al. [26] with a scanning tunnel
microscope. The latter mounds consist of a series of
terraces whose height is that of one monolayer, i.e.
3.240.3 A, and width is approximately 500 A. A high
resolution AFM image of an Hg,4,Cd,.,Te(1 12)B
surface demonstrates that these long ridges also consist
of terraces whose helght difference is one monolayer
and average width is approximately 180 A [22].

4.2. Optical absorption; intersubband transitions in SLs

The experimental and theoretical absorption spectra
for a (112)B HgTe/Hg,sCdyosTe SL at 5 K are
shown in Fig. 2. Three distinctive steps are observed
which we have assigned to the HI-E1, L1-E1 and H2—
E2 intersubband transitions. H, L and E are the heavy
hole, light hole and electron subbands, respectively. In
contrast, Yang et al. [27] attributed the first two steps
at lower energies in a similar SL to the HI-EI and
H2-E2 transitions, and the weak shoulder near 240
meV to L1-ElL. A correct assignment requires agreement
between the calculated transition probabilities and the
observed absorption coefficient spectrum as well as
between the calculated and experimental frequencies.
That this is the case here, is demonstrated in Fig. 2. The
relative heights of the three steps are in good agreement
with experiment, even though their absolute magnitudes
are underestimated due to the neglect of Coulomb
interaction between electron and hole [28]. The energies
of the HI-El and L1-El transitions are in good
agreement whereas agreement is only fair at higher
energies, e.g. for H2-E2, as expected for a perturbation

theory. The weak shoulder near 240 meV is due to the
H2-EI transition which is allowed only for k>0. For
these reasons and others which will become apparent
below, we shall concentrate on the HI-EIl and L1-El
transitions.
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Fig. 2. The experimental and theoretical absorption coefficients of the
(112)B HgTe/Hg,4<Cd,osTe SL Q943 at 5 K.
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Fig. 3. The experimental (thick line) and theoretical (thin line)
absorption coefficients, their first derivatives (thick and thin dashed
lines, respectively) for the (1 12)B HgTe/Hgg¢sCdyosTe SL Q1172
at 5 K. The intersubband transition energies are indicated by vertical
lines and their dispersion for gz, the miniband width, by the width
of these vertical lines

A determination of the experimental intersubband
transition energies is not trivial, due largely to a lack of
knowledge about the position of a particular band gap
relative to the frequency of photoluminescence peaks
[27,29,30], or that of the absorption edges [31]. The
method employed by Becker et al. [2] is to determine
the position of the absorption edge and then its position
relative to the intersubband transition energy itself. This
can be accomplished by calculating the transition ener-
gies as well as the corresponding absorption coefficient.
Finally, by fitting the theoretical and experimental
absorption coefficients, one can determine the experi-
mental intersubband transition energies relative to their
absorption edges.

The absorption edges have been determined by two
different methods. In the first method, the absorption
edge is defined as the energy at the maximum value of
the first derivative of the absorption coefficient. In the
second method the absorption edge is determined from
the temperature dependence of the transmission accord-
ing to
AT T,

7T, 1=dAa 3)
where T and d are the transmission and sample thickness,
respectively. Hence a good approximation of Ax can be
obtained merely from a ratio of transmission spectra at
slightly different temperatures [2] without the compli-

cations and uncertainties in calculating the absorption
spectrum of the SL in a multi-layer structure [14]. The
absorption edges according to both of these methods
coincide with the HI-E1 and L1-El intersubband
transition energies to within +2 meV for all investigated
SLs with one exception in which a systematic discre-
pency of 4 meV for L1-E1 is observed [2].

Good agreement between experimental and theoretical
values of the absorption edges, i.e. da/dE, is demon-
strated for a (1 12)B orientated SL in Fig. 3. The full
width at half maximum, FWHM, of da/dE for the H1-
E1 and L1-E1 intersubband transitions is approximately
13 and 16 meV, respectively, and thus sufficiently
narrow to allow a determination of these energies with
a precision of +2 meV or better. The absorption edges
for Q943 shown in Fig. 2 are even sharper with
corresponding FWHMs of 8.5 and 12 meV.

The H1-E1 and L1-E1 intersubband transition ener-
gies at 5 K for all of the investigated (1 12)B SLs are
plotted vs. QW width, d,, in Fig. 4. Also shown is the
energy difference between these two intersubband tran-
sitions, i.e. Eg ~E ;1 =E.,_g1—FEui_g1. The strong
inverse dependence of both transitions on d,, is obvious,
whereas Ey;—E;; is nearly independent of d,. The latter
energy difference depends nearly linearly on the valence
band offset, A. Hence a determination of A is possible
which is not influenced by uncertainties in d,,. The three
sets of lines in Fig. 4 are theoretical results for a series
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Fig. 4. The experimental values for Ey _g, (filled circles), E;,_g,
(empty circles) and the energy difference, Ey,—E;; (empty squares),
for all (112)B SLs together with theoretical results at 5 K (lines)
are plotted vs. d,,. Calculated results using d, =24 A for possible val-
ues of A are shown. d, is the interface width.
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vs. Ey, gy at 5 K for all (1 12)B SLs. Calculated results for dA/dT=
0.00 meV/K and E,(HgTe, 300 K)= — 140 meV are reproduced as
dashed lines, and the results when dA/dT= ~0.40 meV/K. E(HgTe,
300 K)=—160 meV and in addition m;, is temperature dependent,
i.e. mi,=0.79m, at 300 K, as solid lines.

of A values. By means of an error analysis involving
all relevant bulk and SL parameters together with their
uncertainties, the valence band offset between HgTe and
CdTe has been determined to be A=570+60 meV for
both the (0 0 1) and (1 1 2)B orientations [2]. A detailed
comparison of this value and literature values can be
found in Ref. [2].

Experimental values of Ey,—E, , display a significant
temperature dependence [2]. Therefore according to the
conclusions presented above, A is also temperature
dependent. Linear temperature coefficients have been
calculated for the three pertinent energies using the SL
parameters determined below. The calculated results are
obviously in excellent agreement with the experimental
values according to Ref. [2]. Because the temperature
dependence of E,,—E,, is linear within experimental

Table 1

uncertainties, the authors concluded that this is also the
case for A.

The temperature dependence has been determined
using a procedure which relies only on experimentally
determined energies and not on d,. or other SL para-
meters. This is illustrated in Fig. 5 where the temperature
coefficients for Ey, g, Ey, g, and Ey,-E,, are plotted
vs. Ey,_g, (5 K) for the (1 12)B SLs. The dashed lines
are results of the theory when A is assumed to be
temperature independent and the energy gap of HgTe at
room temperature, E, (0, 300 K), is taken to be — 140
meV [32]. Even though the temperature dependence of
the HI-El transition can be reproduced, this is clearly
not the case for either L1-E1 or the energy separation
between these two transitions, Ey,—E,,. Consequently
the results of previous investigations, which are based
merely on the H1-El transition can be misleading. For
example the conclusion of von Truchsess et al. [33] that
A is temperature independent, is obviously incorrect.

It has been demonstrated that the temperature depend-
ence of the L1-E1 intersubband transition is determined
by the temperature dependence of both the HgTe band
gap and A. A least square fit to the experimental values
of L1-El, shown as a solid line in Fig. 5, results in
E, (0, 300 K)=-160+2 meV and dA/dT=-—
0.40+0.04 meV/K [2], which are listed in Table 1.
This value for E,(0, 300 K) differs appreciably from
literature values of —140 and —120 meV [11,32],
which clearly lie outside of the experimental uncertain-
ties in this investigation. However, these two values are
not experimental values: they have been determined by
extrapolating experimental results for 7<100 K up to
room temperature.

On the basis of X-ray photoemission spectroscopy,
and ultra violet spectroscopy (UPS) Sporken et al. [34]
concluded that the valence band offset between CdTe
and HgTe was independent of temperature between 50
K and room temperature with an uncertainty of +0.25
meV/K. However the valence band offset was not
determined at k=0: their UPS samples were sputtered
and they employed the He I and He II emission lines
whose energies correspond to a position in the Brillouin
zone far removed from k=0 [35].

The results for Ey;, g, and Ey,—E;, using dA/dT=
—0.40 meV /K and E,(0, 300) = — 160 meV are in good

Experimentally determined values together with their uncertainties for E,(0, 300 K), Ay, A(300 K), dA/dT and m;,(300 K). for the (1 12)B

and (00 1) orientations

E (0, 300 X) Ao A(300 K) dA/dT mp, (5 K)* m;, (300 K)
meV meV meV meV/K m my
(112)B —-16042 572460 452+ 60 —0.40+0.04 0.53 0.79+0.04
©o1) —-157+4 566460 458 + 60 —0.41+0.10 0.32 040+0.11

The valence band offset is given by A(T)=A,+(dA/dT)T.
* After Ref. [20].



C.R. Becker et al. / Thin Solid Films 412 (2002) 129-138 135

E2 H1| AHIT
Ml.sv\
N

I.ZV\’

A

10V __|

09V
___/\_,———w/\/\o.sv
.,/\_.mJ\_/\O‘GVN
__AMJ\/\ ol
A
MW—/\/_\—VgﬂV“‘/
N o
S NS s
WW_,/\X\_ P

06V

0.8 V—————

OV

_,\___..,w—/\/\,-— 12V
14V ]
% [ —
1.8V
o I\ a0v| 93
‘/\\/\/\/' g HgTe QW with gate
22v| d,=210A

5 10 15 20 25 30
Frequency (T)

FFT of p,, (a. u.)

Fig. 6. FFT of SdH oscillations in p,.(B) for a n type symmetrically
modulation doped HgTe QW (Q1605) measured at 1.6 K and various
gate voltages. The up and down arrows represent the two spin states
of the H1 subband.

agreement with experiment at lower values of Ey;_g, 5
K) as previously reported [36], however, at higher
energies this is not the case [2]. Better agreement with
experiment over the entire energy range can only be
achieved by assuming that the heavy hole effective mass
is also temperature dependent. A least square fit to the
experimental values of Ey,_g;, which is shown as a
solid line in Fig. 5 results in m%,(1 12)=0.79 +0.04m,
at 300 K [2], see Table 1.

The experimental temperature dependence of Ep_g;
and Ey;_g;, as well as that of Ey,—FE;, cannot be
explained unless A and my}, are temperature dependent.
Within experimental error the results for the (00 1) and
the (1 12)B orientations are equivalent [2] as can be
seen in Table 1, with the exception of the heavy hole
effective mass as expected according to Eq. (1) and Eq.

().
4.3. Magneto-transport; n type modulation doped QWs

As expected from their high electron mobility, all n
type, modulation doped QWSs show very pronounced
SdH oscillations and well developed quantum Hall
plateaus [8]. The results of a Fourier transformation of
the complex SdH oscillations for the symmetrically
modulation doped sample Q1605 with a well width of
21 nm are shown in Fig. 6. At a gate voltage, V,, of

0.2 V, when the QW potential is nearly symmetric only
two frequencies, which correspond to the H1 and E2
subbands, are resolved and no splitting of the HIl
subband can be observed. For either more positive or
more negative gate voltages, a large splitting of the H1
subband is apparent. Besides the main peaks labelled by
E2, H1+ and H1—, peaks due to the sums of the E2
and H1 peaks can be observed. The largest Hall mobility
was 6X10° cm® V- ! s™! at a gate voltage of 2.0 V; to
our knowledge this is the highest value that has been
observed for HgTe QWs.

According to self-consistent band structure calcula-
tions the first two conduction subbands are H1 and E2,
and the valence band is the H2 subband. This is a
consequence of the inverted band structure of QWs with
a large well width. No splitting of the H1 and E2
subbands for the symmetric case was predicted and none
was observed [8]. However, in the asymmetric case, a
small spin splitting of the E2 subband at finite k; is
predicted as well as a substantially larger splitting of
the H1 subband. It should be mentioned here that the
two spin split branches of the H1 subband cannot be
designated as spin-up and spin-down because their
eigenstates are not linearly polarized and do not carry a
net magnetic moment [37]. The H1 and E2 subbands
which are a mixture of states with different symmetries
contain an equal contribution of up and down spinor
components at finite k. The degeneracy of the H2
valence subband is also removed and one spin compo-
nent has a larger maximum at finite kj, i.e. here we are
dealing with an indirect semiconductor.

The experimental values and the theoretical calcula-
tions of the difference in population, Any,, between the
two spin states of the H1 subband have been compared.
The total carrier density, g4y, has been employed in the
calculations rather than the carrier density in only the
H1 subband, ny;, because the electric field (E) is, to a
good approximation, proportional to ngqy.

The calculated carrier densities in both the H1 and
E2 subbands at various gate voltages agree with the
experimental values for a well width, d,,, of 21 +2 nm.
A simulation of the X-ray diffraction results in 22+2
nm, in agreement with the above value. It should be
emphasized that the occupation of the E2 subband
depends mainly on the well width and not on the details
of the self-consistently calculated Hartree potential. Fur-
thermore the well width and hence the calculated carrier
densities for two additional QWs, an asymmetric and a
symmetric QW, have been corroborated by simulations
of the corresponding X-ray diffraction results.

Finally Rashba spin—orbit splitting has also been
observed and described quantitatively for a number of
QWs in which only one conduction subband is occupied.
No abnormal temperature and B dependence has been
observed [38], ruling out magneto-intersubband scatter-
ing [39].




136 C.R. Becker et al. / Thin Solid Films 412 (2002) 129-138

AE[“ N AEm (meV)

0.0 0.05 0.1 0.15 0.2 0.25
ky (nm™)

Fig. 7. The calculated spin splitting energy of the H1 and E2 subbands
(solid curves), AE,,, and AE,., versus in-plane wave vector k, for
sample Q1605. The position of the Fermi wave vector &, is denoted
by the dotted-dashed line. The two dashed lines demonstrate the pro-
portionality to kj and k,. respectively, at small ky values.

Winkler [37] has demonstrated that spin splitting for
the heavy hole like state |y, +3/2) should be propor-
tional to kj for small &, values. The spin split heavy
hole subband dispersion can be expressed as

h2k2
E. (k)= +BA] @)

where B is the spin—orbit coupling constant between
the I's and T's bands. In contrast, spin splitting for the
electron like state {I's, +1/2) and the light hole like
state |I'g, +1/2), should be a linear function of k;. This
is in good agreement with the self-consistently calculat-
ed AEy, and AEg, vs. k; behavior shown in Fig. 7; the
H1 conduction subband in a type IIl HgTe QW with an
inverted band structure is principally a heavy hole state,
and the E2 subband is an admixture of the light hole
and electron state.

4.4. Magneto-transport; p type modulation doped QWs

Experimental results shown in Fig. 8 for a p type
asymmetrically modulation doped QW, Q1441, with an
inverted band structures display pronounced and com-
plex SdH oscillations, which begin below 0.37, and well
developed quantum Hall plateaus. This QW also has a
large mobility, i.e. n=1.0X10° cm*>V~'s~'. If dp,./
dB is plotted vs. 1/B, two periods can easily be
distinguished, which are due to the indirect band gap.
A Fast Fourier transformation (FFT) of the SdH oscil-
lations for various hole concentrations in this gated p
type QW results in two frequencies corresponding to
the concentrations p, and p,. The total hole concentra-
tion, p,, is in good agreement with the Hall concentration
at Jow magnetic fields. p,/p, =4, within experimental
uncertainties, for p,<5X10" cm~2 [9]. p, can be
increased up to 1.1X10 cm™2, however, above

5X10" cm~? the peak corresponding to p, disappears,
in good agreement with theoretical calculations dis-
cussed below.

At hole concentrations of less than approximately
5X10" cm~? a contour plot of the intersection of the
Fermi energy with that of the first valence subband, H2,
results in four equivalent unconnected areas. For p,>
5X10'" cm~? the Fermi contour resembles a single
distorted ring [40]. The experimental results are in good
agreement with the theoretical prediction of four equiv-
alent valleys.

4.5. Magneto-transport; n type modulation doped QWs
with Mn

QWs with Mn in the upper barrier with different
spacer  thickness  between the HgTe and
Hg, 3Cdo 6sMn, o, Te layers have different transport prop-
erties; when the spacer is reduced from 15 to 10 nm
both the carrier concentration and mobility remain the
same within experimental uncertainties or decrease
slightly, however, a further reduction to 5 nm causes a
significant reduction in these values.

As expected from their high mobilities, well devel-
oped SdH oscillations have been observed. Fourier
analysis of these spectra reveal two spin split compo-
nents of the H1 subband as well as the sum frequencies.
The population difference between the two spin split
components decreases with more positive gate voltages.
This is caused by a reduction in the structure inversion
asymmetry due to a larger electron concentration and
hence a higher Fermi energy. The relative population
difference Any,/n,y,,, where n,,=ny, when Any, =0,
is plotted in Fig. 9 vs. the normalized charge carrier
concentration, (M, —ny, /ny), in order to facilitate a
suitable comparison of the QWs with spacer thicknesses
of 5, 10 and 15 nm,

20 T T T T T T 0.6
Q1441; 7=380mK 4, =20nm p=2810"cm?
#=1.010%cm?/(Vs)

= =2
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Fig. 8. p,. and p,, vs. B for a p type asymmetrically modulation doped
QW with an inverted band structure at 380 mK. dp,./dB is plotted
vs. B in the inset.



C.R. Becker et al. / Thin Solid Films 412 (2002) 129-138 137

-2,
Dypacer Moym (617

008 | ® Q1669 Som 1.4x10"
. O QI695 10mm 22 x10"
* ® Q1660 15nm 2.2 x10”
:.
* “ Theory; n4,=0.5 ngym
0.06 | t, E
g — ngm =22 %107 cm?
2 D sym 12 2
N § " Bgm=14x10"cm
~—~ °
S L :
<] o e @

S
R
002 N R

0.0 : .
04 0.2 0.0

(nsym - nHI)/nsym

Fig. 9. The relative difference in population of the H1 — and H1+
subbands as a function of normalized charge carrier concentration for
QWs with spacer thicknesses of 5, 10 and 15 nm.

As can be seen in Fig. 9, theoretical calculations are
in good agreement with experiment for the two QWs
with thicker spacers. In contrast self-consistent Hartree
calculations for the case of a 5 nm spacer, which do not
take Mn into account, under estimate the experimental
population difference by a factor of approximately 2.

If this enhanced population difference were due to
giant Zeeman splitting, then it should be strongly tem-
perature dependent [41] contrary to experimental results
which show no change between 380 mK and 4.2 K.
Therefore we infer that Mn increases the asymmetry of
the QW structure and thus enhances Rashba spin—orbit
splitting.

In addition to this desired influence of Mn, decreasing
the spacer thickness reduces both the 2D electron con-
centration and the electron mobility. Nevertheless, elec-
tron mobilities of 0.6, 0.8 and 1.1 X10° cm®>V~!s™!
have been achieved when Mn is separated from the well
by 5, 10 and 15 nm thick spacers, respectively.

5. Conclusions

Selected aspects of MBE growth of Hg; _,Cd,Te and
HgTe/Hg,_,Cd,Te  heterostructures  have  been
discussed.

By means of an optical investigation of HgTe/
Hg, _.Cd,Te SLs with a normal band structure combined
with calculations based on an (8 X 8 k+p) model, it has
been demonstrated that the energy separation between
the H1-E1 and L1-E1 intersubband transition energies
is primarily determined by the valence band offset, A,
between HgTe and CdTe. This has led to unambiguous
values for the offset and its temperature dependence,
i.e. A(T)=570+60 meV and dA/dT= —0.40 meV/K.
Furthermore the energy gap of HgTe at room tempera-
ture has also been determined to be —160 meV.

Magneto-transport studies have been performed on
both n and p type modulation doped HgTe single QWs
with inverted band structure. Rashba spin splitting in n
type QWs with an inverted band structure has been
investigated at different electron concentrations via a
gate voltage. A large Rashba spin splitting has been
observed, which is due to the heavy hole nature of the
first conduction subband, H1. SdH oscillations of p type
QWs display two periods, which have been shown to
be due to their indirect band gap and the resulting
multiple valleys, and not due to Rashba spin—orbit
splitting. Both n and p modulation doped HgTe QWs,
have high mobilities of up to 6X10° and 1.0x10°
cm? V™ 1s™! respectively.

The results of magneto-transport experiments on HgTe
QWs with Mn in the upper barrier are in good agreement
with self-consistent Hartree calculations when the Mn
is separated from the 2D electrons by spacers of 10 and
15 nm. However, the observed population difference of
the two spin split states for a QW with a 5 nm spacer
is larger than theoretical predictions by at least a factor
of two. We conclude that Mn increases the asymmetry
of the QW.
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list at the end of the paper. Journal titles should be abbreviated
according to the Chemical Abstracts Service Source Index, 1970
edition, and supplements. The abbreviated title should be followed
by volume number, year (in parentheses) and page number.
Authors in Japan please note that information about how to
have the English of your paper checked, corrected and improved
(before submission) is available from: Elsevier Science Japan,
Editorial Service, 1-9-15 Higashi Azabu, Minato-ku, Tokyo 106,
Japan; Tel: +81 3 5561 5032; Fax: +81 3 5561 5045; E-mail: info@
elsevier.com

Submission of Papers

Manuscripts (original, two clear copies and accompanying dis-
kette (MS-DOS or MAC format)) should be sent to: EDITORIAL
OFFICE of THIN SOLID FILMS, Départément de génie physique,
Ecole Polytechnique de Montréal, C.P. 6079, Succursale Centre-
ville, Montréal, QC, CANADA H3C 3A7 Tel: (+1) 514-340-3730; Fax:
(+1) 514-340-3218; e-mail: tsf@polymtl.ca

All the authors of a paper should sign the covering letter.
Contributions are accepted on the understanding that the authors
have obtained the necessary authority for publication. Submission
of a manuscript implies that it is not under consideration for pub-
lication elsewhere.

Submission of Electronic Text

The final text should be submitted on a 3.5 in or 5.25 in diskette
{in addition to a hard copy with original figures). Double density
(DD) or high density (HD) diskettes formatted for MS-DOS or Apple
Macintosh compatibility are acceptable, but must be formatted to
their capacity before the files are copied on to them. The files
should be saved in the native format of the wordprocessing pro-
gram used. Most popular wordprocessor file formats are accept-
able. It is essential that the name and version of the wordprocess-
ing program, type of computer on which the text was prepared,
and format of the text files are clearly indicated.

lllustrations

Line drawings should be in a form suitable for reproduction, drawn
in black ink on drawing paper (letter height, 3-5 mm). They should
preferably all require the same degree of reduction, and should be
submitted on paper of the same size as, or smaller than, the main
text to prevent damage in transit. Photographs should be submit-
ted as clear black-and-white prints on glossy paper. Each illustra-
tion must be clearly numbered.

lllustrations can be printed in colour when they are judged by the
Editor to be essential to the presentation. The publisher and the
author will each bear part of the exira costs involved. Further infor-
mation concerning colour illustrations and the costs to the author
can be obtained from the publisher.

Legends to the illustrations must be submitted in a separate list.
All tables and illustrations should be numbered consecutively and
separately throughout the paper.

Language
Papers will be published in English only.

Proofs

Authors will receive proofs, which they are requested to correct
and return as soon as possible. Authors should answer clearly any
question in the proofs. No new material may be inserted in the text
at the time of proofreading. Elsevier will do everything possible to
get your article corrected and published as quickly and accurately
as possible. Therefore, it is important to ensure that all of your cor-
rections are sent back to us in one communication. Subsequent
corrections will not be possible, so please ensure your first send-
ing is complete.

Offprints

Twenty-five offprints will be supplied free of charge to the author(s).
Additional offprints can be ordered at prices shown on the offprint
order form which accompanies the proofs.

Further Information

For enquiries relating to the submission of articles (including elec-
tronic submission), author Frequently Asked Questions and any
other enquiries relating to Elsevier Science, please consult http:
/iwww.elsevier.com/locate/authors/

For specific enquiries on the preparation of electronic artwork,
consult http://www.elsevier.com/locate/authorartwork/

Contact details for questions arising after acceptance of an article,
especially those relating to proofs, are provided when an article is
accepted for publication.

The full and complete Instructions to Authors can be found on the
World Wide Web: access under http://www.elsevier.com/locate/tsf

Abstracting — Indexing Services

This journal is cited by the following Abstracting and/or Indexing
Services.

Metal Abstracts, Chemical Abstracts, INSPEC-Physics Abstracts,
Current Contents — Physical and Chemical Sciences, Current
Contents —Engineering, Technology and Applied Sciences,
Engineering Index, Cambridge Scientific Abstracts, Physikalische
Berichte, Science Citation Index, Research Alert™, PASCAL
(Centre National de la Recherche Scientifique), Fiz Karlsruhe.
Pre-publication abstracts of articles in Thin Solid Films and other
related journals are now available weekly in electronic form via
CoDas, a new direct alerting service in condensed matter and
materials science run jointly by Elsevier Science Publishers and




