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Abstract 

We have performed improved measurements of the high-field drift velocity of electrons 

parallel to the basal plane in 4H and 6H-SiC as a function of temperature. The electron saturation 

drift velocity at room temperature is 1.9(2.2) xlO7 cm/s in 6H(4H) SiC. At 320 °C the electron 

saturation drift velocity is 1.0(1.6) xlO7 cm/s in 6H(4H) SiC. 

Organization of This Report 

This report consists of three parts. Part I is a brief narrative overview and summary of 

the project, including background information, motivation for the work, experimental procedure, 

and the most recent experimental results. Part II is a detailed description of the first part of the 

experiment (i.e. measurement of devices with a 1 [im n-type epilayer), in the form of a Masters 

thesis written by Mr. Imran Khan. Part III is a paper that will appear in the February 2000 issue 

of IEEE Transactions on Electron Devices describing the final results of the experiment, 

including the most recent and most accurate data on devices with a 4 /im thick n-type epilayer. 



PART I. NARRATIVE OVERVIEW AND SUMMARY OF RESULTS 

Introduction 

Silicon Carbide is attracting widespread attention because of it's superior electronic and 

thermal properties, particularly it's high breakdown field, low intrinsic carrier concentration, and 

high thermal conductivity. One area of concern is the low electron and hole mobilities in the 

material. These low mobilities, combined with the short minority carrier lifetimes, result in short 

minority carrier diffusion lengths which limit the gain of bipolar devices such as the bipolar 

junction transistor (BJT) and the thyristor. The low mobility also reduces the transconductance 

of unipolar field-effect devices such as the MOSFET, JFET, and MESFET. 

In spite of it's importance, there is surprisingly little data on electron velocity in SiC. The 

most reliable data was taken in 1977 by V. Muench and Pettenpaul [1], who measured the drift 

velocity of electrons in the basal plane of n-type 6H-SiC platelets grown by the Lely method. 

They found the electron velocity saturated at a value of 2xl07 cm/s at a field of 2xl05 V/cm. No 

data is available on electron velocity in wafers grown by the modified sublimation process, and 

no data is available on electron velocity in the 4H polytype of SiC. No data is available on the 

temperature dependence of electron velocity in either polytype. In this work, we have conducted 

new measurements of electron velocity in both 6H and 4H-SiC as a function of temperature. 

Measurement Technique 

The measurement technique employed by v. Müench and Pettenpaul, and also used here, 

consists of measuring the current-voltage relationship of a narrow constriction of n-type SiC 

material at high fields. The experimental device, illustrated in Fig. 1, consists of an n-type 

epilayer of doping lxlO17 cm"3 grown on a lightly doped p-type epilayer on a heavily-doped p- 

type substrate. The n-type epilayer is patterned by reactive ion etching, forming a constriction of 

dimensions on the order of 5x5 /im. Ohmic contacts are established on either side of the 

constriction by annealed Ni. Probe contact is made to the four ohmic contacts, and a pulsed bias 

is applied using the apparatus shown in Fig. 2. To prevent surface arcing, the samples are 

immersed in Flourinert™. Bias pulses are applied to outer contacts L, and L4 using a Directed 

Energy, Inc. GRX 1.5 K-E pulse generator, and the voltage drop across the inner contacts L2 and 

L3 is measured using the 1 Mß inputs of a Tektronix 11401 digitizing oscilloscope. The current 

through the constriction is obtained from the voltage drop across the 50 Q input of the 

oscilloscope in series with L4. The electron drift velocity is calculated from the current using 

the relation 



/ 
q w n t (1) 

where w is the width of the constriction, n is the electron density per unit volume, and t is the 

thickness of the undepleted portion of the n-type epilayer. The corresponding electric field is 

calculated from the voltage drop between the high impedance probes attached to L2 and L3, with 

corrections for the end resistances between the inner ohmic contacts and the constriction. 

Constriction 

Directed Energy, Inc. 

GRX Pulse Generator 

Model 1.5 K-E 

Hewlett-Packard 

Pulse Generator 

t     Model HP-214A 

DC In 

Pulse 
Out 

Power Device Specifics 

DC Power Supply 

Model HV-1565 

'2   B=I       3 
Device 
Under 
Test 

Channel B 
Channel C 

(A • B) => Voltage 

Channel C => Current 

Tektronix Model 11401 Digitizing Oscilloscope 

Figure I. Isometric view of the experimental 
device. In most devices, the n-type epilayer 
is 4 pirn thick. 

Figure 2. Schematic diagram of the test 
apparatus. 

Figure 3 shows transient current waveforms for several different pulse conditions of 

increasing applied voltage. As seen, for electric fields above about 20 kV/cm the current 

decreases during the bias pulse due to transient heating at the constriction. To minimize this 

effect, we record the current at the earliest possible point in the bias pulse, typically within the 

first 50 ns. The transient response of the circuit becomes a limitation at the highest fields. The 

transient response is degraded by the parasitic capacitance of the probes, so at fields above 30 

kV/cm we remove the two inner probes and calculate the voltage drop across the constriction 

using the equivalent circuit of Fig. 4. The elements in Fig. 4 represent the contact impedances 

and the spreading resistances of the n-type. Resistances (RC1 + R,) and (RC4 + R4) are obtained 

from four-probe measurements at low fields (no current flows through RC2 and RC3 due to the 

high impedance probes on L2 and L3). At high fields, the probes on L2 and L3 are removed and 
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29 kV/cm 

50 kV/cm 

200 kV/cm 

-0.2    0.0     0.2     0.4     0.6     0.8      1.0     1.2 
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Figure 3. Transient current waveforms at 
various fields. 

Li L2 

1     1 
R, ■C1 

L3 

1 
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Rp 

'C3 
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L4 

1 
R C4 

Current Path 

Constriction 

Figure 4. Equivalent circuit showing parasitic 
resistances. 

the voltage drops across (RC1 + R,) and (RC4 + R4) are calculated from the measured current and 

known resistances. These voltage drops are then subtracted from the voltage between probes L, 

and L4 to obtain the equivalent inner probe voltage drop. 

Device Details 

In the experiments reported in 1997 [2], the n-type epilayer thickness was 1 /mi. This 

raised a concern about narrowing of the undepleted n-type channel due to the depletion region 

from the underlying pn junction. In the present experiments [3] we increased the thickness of the 

n-type epilayer to 4 /im to minimize this effect, and we also included an analytical correction to 

the channel thickness t to account for the depletion. A variety of constriction sizes are also 

included, with dimensions (width x length) = 5x5, 5x10, 5x15, 10x10, and 10x15 /xm. To insure 

low resistance ohmic contacts, a high dose (lxlO19 cm"3) nitrogen implant is performed in the 

contact regions and annealed at 1400 °C for 18 minutes in argon. The doping-thickness (n't) 

products for the n-type epilayers obtained from Hall measurements on each sample are 2.4 (3.6) 

xlO13 cm"2 for the 4H (6H) samples, respectively.  In these calculations, the Hall scattering factor 

rH is taken to be unity [4]. These (n*t) values agree well with separate TLM measurements on 

each sample. The lateral dimensions of the constrictions are determined within an accuracy of 

- 10% from SEM photographs of the completed structures. Epilayer thickness and the 

uniformity of doping with depth are verified by SIMS. 
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Experimental Results 
Figures 5 and 6 show velocity-field data on the 4H and 6H samples at room temperature, 

135, and 320 °C. Measurements on constrictions of various sizes are included at each 

temperature. The lines represent empirical fits to the equation 

/x E 

v(E) 

1 + 
fi E 

V  vs  J (2) 

where pi is the low field mobility, vs is the saturation velocity, and a is a shape parameter. 

Values of the fit parameters are listed in Table 1. Saturation velocities of 2.2 (1.9) xlO7 cm/s are 

obtained for 4H (6H) SiC at room temperature. These values decrease to 1.6 (1.0) xlO7 cm/s for 

4H (6H) SiC at 320 °C. 

Summary 
We have reported new measurements of high field drift velocity of electrons parallel to 

the basal plane in 4H and 6H-SiC at room temperature, 135, and 320 °C. The saturation drift 

velocity in 6H-SiC at room temperature is 1.9xl07 cm/s, very close to the value reported by v. 

Müench and Pettenpaul [1] in 1977. The saturation drift velocity in 4H-SiC is 2.2xl07 cm/s. 

Saturation velocities decrease with temperature, reaching 1.6 (1.0) xlO7 cm/s in 4H (6H) SiC at 

320 °C. 
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Figure 6.  Velocity-field relation for 
electrons parallel to the basal plane in 
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Temperature Parameter 6H-SiC 4H-SiC Units 

23 °C 

M 215 450 cm~/Vs 

vs 
1.9x10' 2.2x10' cm/s 

a 1.7 1.2 ~ 

135 °C 

ß 120 - cmYVs 

Vs 
1.4x10' - cm/s 

a 2.5 - — 

320 °C 
H 56 130 crnWs 

Vs 
1.0x10' 1.6x10' cm/s 

a 4.0 2.2 — 

Table 1. Parameters used in (2) to fit the experimental velocity-field data. 
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PART II. DETAILED DESCRIPTION OF THE FIRST PART 

OF THE EXPERIMENT (MASTER'S THESIS OF IMRAN KHAN) 
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ABSTRACT 

Khan, Imran A. MSEE Purdue University, March 1998. Velocity Field measurements on 
silicon carbide. Major Professor: James A. Cooper. 

Silicon carbide has become the material of choice for a wide range of applications. High 
power and S-to-X microwave, to name a few, are some of the applications that are being 
extensively researched. The prevalence of silicon carbide is primarily due to its superior 
thermal and electrical properties. However, many of the fundamental electrical 
parameters of the material have not been accurately measured as yet. This also presents a 
serious problem for device engineers, since it is difficult to predict the performance of 
device structures if the basic electrical parameters are not known. One of the most 
important electrical parameters is the relationship between electron drift velocity and 
electric field. At low fields, velocity is proportional to field. At higher fields, the velocity 
increases sub-linearly with field, and at sufficiently high fields the velocity saturates, 
becoming essentially independent of field. Saturated electron drift velocity is of interest 
especially for microwave application. In the present study, we report the recent 
measurements of the drift velocity of electrons in 6H and 4H silicon carbide. The highest 
measured drift velocity at room temperature is about 1.8(1.7)e7cm/s in 6H(4H)-SiC. A 
saturated drift velocity of 2e7cm/s for electrons in 4H and 6H can be estimated by fitting 
data with an empirical velocity-field relation. 

/lo 
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1. INTRODUCTION 

1.1 Introduction 

Silicon carbide has become the material of choice for a wide range of applications. High 
power and S-to-X band microwave, to name a few, are some of the applications that are 
being extensively researched. The prevalence of silicon carbide is primarily due to its 
superior thermal and electrical properties. One of the properties of interest especially for 
high speed application is the saturated electron drift velocity. For this purpose, two 
figures of merit have been developed to evaluate semiconductors for high speed 
applications namely, 

(Ecvs)
2/47t 

by Johnson, [1] and 

Zk = X(cvJ4it£) 1/2 

by Keys[2], where X is the thermal conductivity, Ec is the critical field, c is the speed of 
light, e is the dielectric constant and vs is the saturated drift velocity. For accurate 
evaluation of the FOM, the precise saturated drift velocity is required. 

At present there are two major techniques available for the determination of the drift 
velocities as a function of the applied electric field in semiconductors[3]: 
(a) The conductance technique. 
(b) The time - of - flight (ToF) measurement. 

In the former technique, conductivity measurements are performed in the neutral region. 
Consider a slab of semiconductor, as illustrated in Fig. 1.1. From basic device physics, the 
current through a piece of n type semiconductor with known dimensions can be written as 
follows[4]: 

1= AentiE (1) 

where A(= wt) is the cross sectional area, e is the electronic charge, n is the number of 
carriers per unit volume, \i is the mobility of the carriers and E is the applied electric field 
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;si| the carriers are experiencing. Ohm's law can be easily obtained from the above equation in 
a couple of steps. 

I = AennV/d 

where V is the applied voltage and d is the lateral separation between the points where the 
voltage is applied. 

I = (Aenn/d)V 

At low fields, mobility is a constant and the quantity in brackets is replaced by G the 
conductance with units of 1/ohms. 

From (1), the velocity v of the carriers can be obtained as: 

v = V(Ane) (2) 

The above equation is valid in both high and low fields. At low fields, the velocity of the 
carriers is proportional to the applied field and is given by 

v = (iE 

\ The time-of-flight measurement relies on observing the flight of charge packets under the 
influence of an electric field. The packet of charge is introduced by electrical or optical 
means. The charge packet then travels a distance 1, under the influence of an electric field 
in time ti, through the space charge region. The drift velocity is obtained by 

v = Vti 

The ionizing source must create charge pairs in a time short compared to U and in a 
region of thickness i much smaller then 1, as shown in Fig. 1.2. The two types of charges 
move in opposite direction due to the electric field. One type of carrier will be collected 
immediately after having traveled a distance I, while the other will travel a distance 1, 
inducing a displacement current pulse of duration t| at the terminals. The connecting 
leads, the sample, and the input to the voltage sensing circuit all contain capacitors. 
These are lumped into C. R is the load resistance in Fig. 1.2. For sharp falling and rising 
edges of the current pulse, the RC time constant must be much smaller than the time it 
takes for the charge packet to transverse the space charge region[5]. With this technique, 
the velocity-field characteristics of both types of carriers can be determined in the same 
sample. It is worth mentioning that the ToF technique is similar to the Haynes-Shockley 
experiment except that the latter allows for the measurement of only the minority 
carriers, in a neutral region, in low-resistivity materials[6]. When the excess minority 
carriers exit the sample in the Haynes-Shockley experiment, the carriers produce a 
current pulse in the external voltage sensing circuit. This current pulse can be monitored 
on an oscilloscope. 
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Fig. 1.1. A piece of semiconductor with known dimensions used to calculate the current 
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Successful application of the ToF technique requires certain criteria to be met. Firstly, the 
material must be of high resistivity so that the joule heating is a minimum. Secondly, the 
dielectric relaxation time pe must be greater than ti [7]. Finally, the mean lifetime of the 
carrier should not be less than ti [8]. 

From a historical perspective, conductivity experiments emerged from the requirement to 
study the nonlinear behavior of electron and hole mobility at high fields and a possible 
saturation of drift velocity at higher fields. Shockley's modification of the scattering theory 
was the primary cause for such investigations, because the new theory predicted non- 
ohmic behavior at high fields [9]. In 1951 and '53, Ryder performed experiments on 
silicon and germanium to determine the velocity of holes and electrons as a function of 
applied electric field. He was able to measure the saturated drift velocities using the 
conductivity method [10]. The saturated electron velocities he recorded for silicon was 
lxl07cm/s and 6xl06cm/s for germainum. In 1956, Gunn independently confirmed the 
previous measurements on germanium. He used the conductivity method with a slight 
variation to improve the computation of the applied field [11]. Due to lack of modern day 
processing technology in the 1950's, such experiments were performed on large bulk 
materials. 

The only extensive study on the dependence of electron drift velocity on the applied field 
in silicon carbide was done by von Munech and Pettenpaul in 1977 [3]. Von Munech and 
Pettenpaul utilized the conductivity technique to measure the dependence of electron drift 
velocity, parallel to the basal plane, on electric field in 6H silicon carbide. They utilized 
modern day processing technology to fabricate structures on SiC substrates. The p-type 
substrates were grown by the Lely method (sublimation at 2500°C) in the form of platelets 
with flat surfaces perpendicular to the c-axis. The present work is similar to von Munech's 
experiment. The conductance technique is selected in view of its much simpler electronic 
equipment as compared to the time-of-flight technique. Furthermore, it provides a direct 
comparison between the velocity-field data of electrons in epilayers grown over substrates 
grown by the Lely method versus those grown by the present modified sublimation 
technique. 

1.2 Thesis Overview 

In Chapter 2 some background information is presented on the design of the masks for the 
test structures, followed by a detailed description of the critical processing steps taken to 
successfully fabricate the test structures. Chapter 3 will provide the description of the 
measurement technique used in order to extract the drift velocity of the carriers. 
Preliminary data taken by the measurement described in Chapter 3 with its discussion will 
be presented in Chapter 4. Chapter 4 will also describe in detail the adjustments made to 
the measurement technique described earlier. Chapter 5 will present the final electrical 
characterization of the structures from which the drift velocity of the carriers will be 
extracted. Finally, Chapter 5 will also provide the conclusion and suggestions on future 
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?#| work within the domain of the conductivity measurements. The appendix at the end 
contains the source code of the matlab programs that facilitated data acquisition and 
analysis. 
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2. FABRICATION 

The first half of this chapter provides information on the test structures, followed by the 
description of the processing steps to fabricate these structures. Section 2.0 provides 
information on the epilayers. The detailed description of the mask used for fabrication is 
included in Section 2.1, while Section 2.2 contains the information on fabrication of these 
devices. 

2.0 Epilayers 

Velocity field measurements were to be performed on 4H and 6H polytype SiC. The drift 
velocity of electrons, as a function of the applied field, was to be determined in the basal 
plane perpendicular to the c-axis of SiC. For this purpose two wafers, a 4H and 6H SiC, 
were ordered from Cree Research Durhom, NC. A p type epilayer was grown on the p- 
type substrate and finally the n-type epilayer was grown over the p-type epilayer. The final 
n epilayer was used for the measurement of the drift velocity of the electrons. The table 
below specifies the dopant and the intended doping concentration. 

Table 2.0 
Intended doping profile for the samp e. 

- Dopant type Intended   concentration 
/cm3 

2nd epilayer n Nitrogen lel7 
1st epilayer p Aluminum 5el5 
Substrate p+ Aluminum ~3el8 

The thickness of the n epilayer was specified to be l|im while the thickness of the p 
epilayer was 13p.m. The choice of the thickness and the concentration was such as to take 
into account the depletion width that would grow into the channel being used for the 
conductivity experiment as shown in Fig. 2.1. To perform the conductivity measurement, 
high positive voltages would be applied to the n epilayer to create high fields. This in turn 
reverse biases the pn junction and creates a depletion region. For the above concentration 
and assuming a reverse bias of 500V, we can calculate the depletion region that grows 
into the n channel. Using the following relation[5] 
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% 
W = [2e,V(N.+Nd)/eN.Nd] 

1/2 (3) 

where W is the depletion width, e, is the permitivity of SiC, N. and Nd are the acceptor 
and donor concentrations. The total depletion region is lO^im and 0.51nm grows into the 
channel 500V applied over a 10[xm channel yields a field of SxltfV/cm. If the resistance 
of the channel between the contacts of the applied voltage is a constant, then the 
distribution of the depletion will diminish towards the ground end in a parabolic form. See 
Fig. 2.1 below. 

500 v Ground 

1 ' 1                                                                                                              I =  I 

0.5pm 

lel7/cm3 N 

  

95 urn 

 ■ '        "                  ^1^m3P 

Fig. 2.1. Illustrating the depletion width growth into the n epilaver at steady state. 

2.1 Mask 

A two level mask set was created using MentorGraphic's IC station. The first mask was 
used to isolate the test structures on the wafer. Isolation, as will be described in the 
fabrication section, was accomplished with mesa etches. The width of the trench was 
30nm, while the depth was in excess of LSjim. From (1), it is obvious that the 
determination of the drift velocity is dependent on the accurate determination of the 
carrier concentration, hence Hall structures were designed on the masks. TLM structures 
are also present on the masks. Figure 2.2 shows the first isolation mask. As can be seen 
from the figure, a 5x5 and a 10x10 constriction were isolated in each test structure. These 
constrictions effectively form the channels on which the conductivity experiment will be 
performed. Test structures were placed perpendicular to each other to notice any 
difference in the velocity-field characteristics in different directions in the basal plane. 

The second mask was the contact mask. Figure 2.3 shows the contact mask superimposed 
on the trench mask. A circular Hall structure was used with semicircular contacts. The 
dimensions of the contacts for TLM structures was 20xl00nm. The distance between the 
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contacts progressively increased from lO^im, in steps of 5^im, to a maximum of 80|im. 
Four contacts were fabricated for each channel, two contacts were shared between the 
two channels. As will be described later in the measurement chapter, the two extra 
contacts were used for voltage monitoring on the oscilloscope. Furthermore, in the 
eventuality that one of the contacts was not working due to processing errors then at least 
one will be available for the conductivity experiment. 
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Fig. 2.2. Mask used to fabricate the trenches using reative ion etching in SFS. 
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Fig. 2.3. The final die structure with nickel contacts. 
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"^ 2.2 Fabrication 

This section discusses the critical steps involved in the fabrication of the test structures. 
The complete run sheet is attached in the appendix section. The main processing steps 
involved in this run are single-step optical lift-off, reactive ion etching (REE), and metal 
deposition. 

Lift-off is an additive metalization technique, as opposed to the etching process involved 
in photolithography. It was developed with the advent of electron-beam lithography in the 
late 1960's [13]. In this technique the surface of the photoresist film is modified by a soak 
in cholorbenzene either before or after uv exposure[13]. The thickness of the modified 
surface depends on the prebake time of the resist and the soaking time in cholorbenzene. 
Soaks after exposure require longer times for the same results as soaks before exposure. 
The modified surface has lower dissolubility than the unmodified resist, however the 
modified surface exposed to uv dissolves faster than that which has not been exposed. 
This creates an overhang, see Fig. 2.4, with an undercut after developing. Once metal has 
been deposited, or any other material, the overhang separates the metal on top of the resist 
from the metal on the substrate. During the removal of the resist, the metal on top of the 
resist is also "lifted-off" leaving only the metal on the substrate with the desired pattern. 
The main disadvantage to this process is that it can leave a fine string of metal at the edges 
that can be detrimental. 

In this fabrication, the lift-off technique was used to pattern a metal mask for etching the 
isolation trenches, and it was also used to pattern the metal contacts of the devices. AZ 
1518 positive photoresist was spun on the substrate at speeds of about 5000 rpm for 30 
seconds. This gave a film with effective thickness of 2|im. After the prebake step, the 
sample was exposed to uv light in a Suss MJTB-3 mask aligner for 7 seconds using the light 
field isolation mask. This was followed by a soak in cholorbenzene for 17 minutes. The 
sample was thoroughly dried with dry nitrogen gas before developing the pattern. 
Photoresist covered the substrate where isolation trenches would be fabricated. At this 
point the sample is ready for deposition of metal Aluminum was used to mask the 
substrate where etching is prohibited. Aluminum was deposited using the NRC thermal 
evaporator. The sample is placed facing downward above the aluminum source in the 
NRC chamber. Evaporation commences when the pressure in the chamber falls below 
4xl0"7 torr to ensure a successful and uniform deposition. During evaporation, care is 
taken not to hardbake/burn the photoresist on the substrate. Otherwise, the photoresist 
does not dissolve in the solvent, resulting in an unsuccessful lift-off. After a successful lift- 
off, the substrate is covered with aluminum except where mesa trenches are needed. 

As stated earlier, for effective isolation, mesa trenches with depth of over 1.5[im are 
required. In order to keep track of the cross sectional area of the channel, the walls of the 
isolation trenches were needed straight. For this purpose, anisotropic etching of SiC was 
required. Reactive ion etching in SF6 ensured trenches with vertical walls because of its 
anisotropic nature. The etch was performed in a Plasma Technology "Plasmalab" PJE 
syatem. To etch between 1.5 and 2|im of SiC, about 0.8(im of aluminum was required to 
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effectively protect the unexposed substrate. The thickness of the aluminum mask and the 
depth of the trenches was verified with the profilometer (Alphla Step 200, manufactured 
by Tencor Instruments). The remaining aluminum after RES was etched in a solution of 
piranha (H202:H2S04). This also ensured a clean surface for the next step of depositing 
metal contacts. The Piranha clean however, leaves a thin layer of oxide on the surface. 
This surface oxide was removed by soaking the sample in the BHF (buffered oxide etch) 
for about half a minute. Note that not much can be done about the thin film of native oxide 
that forms after the wafer is exposed to the atmosphere. However, since it is a very thin 
film it is not very detrimental to the contacts. 

Lift-off is once again repeated, but this time the dark field mask for the metal contacts is 
used. The surface is cleaned just like in the previous steps. A Varian E-beam system is 
used to deposit nickel on to the substrate. A beam of electrons is focused on the nickel 
source to evaporate it. The pressure of the chamber is kept below 4xl0"7 torr for uniform 
deposition. Low pressure also ensures that high quality nickel is. deposited for better 
contacts. 0.1 Jim of nickel was deposited for the metal contacts. Greater thicknesses were 
avoided to prevent any spiking effects. After successful deposition of nickel, the 
photoresist was removed and patterned metal contacts were left on the substrate. 

The last step in the fabrication is to anneal the nickel contacts. For this purpose, the 
samples were sent to Cree Research. The contacts were annealed in Argon at 900 degrees 
Celsius for 2 minutes. The samples are now ready for electrical tests. 
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Fig.2.4 Highlights of the processing str.ps involved in fabricating the test structures. 
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3. MEASUREMENT SETUP 

In this chapter the method of measurement will be thoroughly described. The electrical 
setup required to perform the measurement is also discussed. The description will illustrate 
how from current-voltage measurements the velocity of the carriers is extracted. TLM 
measurements and its data interpretation will be described. Finally, the chapter will end 
with the presentation of the Hall data. 

3.1 Measurement Technique 

For accurate determination of the field and current through the channel, ohmic contacts 
are needed. The resistance of an ohmic contact can be measured. This can be taken into 
account when determining the field over the channel. However, for the doping levels of 
lxlO17 /cm3 it was not completely clear whether ohmic contacts would be formed. This 
was taken into account when designing the mask set for this experiment, with the result 
that two extra contacts were fabricated closest to the channel. This way there are four 
contacts to perform velocity - field measurement per channel. Of these four contacts, the 
two inner contacts are used to measure the voltage and consequently the field across the 
channel, while the outer two contacts independently allow for the passage of current 
through the channel. The experiment simply consists of applying a voltage to the channel 
and then measuring the current through the channel. If ohmic contacts are not formed, 
then'using a voltmeter the voltage drop on the channel can be determined by using the 
inner two contacts. This would work because the very high impedance of the voltmeter 
only requires negligible amount of current into the voltmeter. 

The principal setup for the experiment is shown in Fig. 3.1. In this setup, high voltage 
pulses are applied to the outer contacts. Pulses are used instead of a constant high voltage 
to avoid heating of the channel and the subsequent heating of the test structure. In this 
experiment, the carrier drift velocity is being studied at room temperature. Hence, it is 
crucial to minimize transient heating of the test structures. Since the experiment was to be 
carried over a wide range of voltage values, accumulative heating of the test structure was 
avoided by giving large intervals of time (>4secs) between pulses. The current through the 
channel is monitored on the oscilloscope. Internal to the oscilloscope there is a 50Q. 
termination. Current through the channel consequently produces a voltage drop over the 
50H resistor. The oscilloscope displays this voltage waveform on the scope screen, and 
scaling the waveform down by fifty gives the instantaneous current through the channel. 
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£f The voltage at each of the inner contacts is also observed on the oscilloscope with two 
independent channels A and B of the scope. The voltage drop across the channel is 
obtained by subtracting the voltages of the two channels. To accomplish this task, the 
oscilloscope was programmed to subtract the waveform of channel B from A and display 
the resulting waveform as the voltage across the channel 
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Fig. 3.1. Experimental setup used in performing the cnnrinctivitv measurement on 4H and 6H SiC 
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High speed pulse generators available in the lab produced voltage swings of 100V at most, 
producing a field of le5 V/cm and 2e5 V/cm over channels of length lOjim and 5\im 
respectively. Clearly this is insufficient to observe saturated drift velocity in the 10p.m 
channel Furthermore, we would like to stress the devices as much as we can. A special 
high voltage and high speed pulse generator was bought from Directed Energy Inc.(DEI). 
The specs of this pulse generator are as follows 

Output voltage to +/- 1500V 
Rise Time and Fall time <30ns 
Pulse width <75ns to DC 

This pulse generator produces waveforms based on the input from a trigger source. 
Square pulses were used in this experiment, therefore the trigger source was set to 
produce square waves. An HP 214A pulse generator was used as the trigger source. The 
HP 214A has a separate button to produce single shot square waveforms. This capability 
was used to keep the repetition rate of the pulses below 0.25Hz, by manually depressing 
the button when the waveform was required. To keep the heating transient effect to a 
minimum, the pulse duration was kept below 0.4 to 0.5 p.s. The rise times of these pulses 
were between 20 to 50 ns. Theoretically, a reasonable square pulse could be obtained with 
pulse width of 200 ns. SHV (super high voltage) cables were provided with the pulse 
generator. These cables have a characteristic impedance of 93Q. The pulse generator is 
also internally terminated with a 93Q. terminator. The internal termination prevents 
reflections from the pulse generator. These reflections, as will be discussed below, 
originate primarily from the probe-sample interface. 

The probes available in the lab are configured for cables with a characteristic impedance of 
50C1. Furthermore, the probes have voltage rating of 500V. A special probe had to be 
made*with a higher voltage rating, and with a characteristic impedance of 93C1. In the 
construction of the probe, it was of paramount importance to retain the characteristic 
impedance as close as possible, all the way, to the point of contact. To achieve this goal, 
the SHV cable itself was used to make the probe. This way both the criteria for higher 
voltage rating and the characteristic impedance are met. Essentially, a probe tip was 
soldered to the middle conductor of the SHV cable. The cable with the probe tip was then 
mounted on to an unused probe arm for support. Figure 3.2 shows the fully constructed 
probe. 

Measurements were performed with the device on the probe station. The probe station 
was enclosed in a black box to avoid changes in carrier concentration due to the effect of 
light. To prevent arcing between the closest probes due to breakdown of air, the test 
structure was covered in fluroinert. 
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Fig.3.2. Construction of the custom probe used in the conductivity measurement. 
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3.2 TLM Measurement 

Transfer length measurements were first proposed by Shockley[14]. The TLM technique 
enables the measurement of the contact resistance and the sheet resistance of the material. 
The technique is based on measuring total resistance between contacts of different 
spacing. From a plot of the total resistance against the contact spacing, three parameters 
can be extracted, the sheet resistance, the contact resistance, and the transfer length. The 
specific contact resistance can be computed from the transfer length. The transfer length 
can be thought of as the length where the voltage due to the current transferring from the 
metal to the semiconductor, or from the semiconductor to the metal, drops to 1/e value of 
its initial maximum value [15]. A typical TLM structure is shown in Fig. 3.3. For contacts 
with spacing greater than the transfer length, the total resistance between any two contacts 
is given by 

RT= ps d/Z + 2Rc = psd/Z +2psLx/Z 

where RT is the total resistance, ps is the sheet resistance of the semiconductor, d is the 
spacing between the contacts, Z is the width of the contact, and finally LT is the transfer 
length. The above formula also assumes that the sheet resistance of the semiconductor is 
not changed under the contacts. This change can result from the contact formation 
process. Taking the derivative of the above equation with respect to the spacing 'd' yields 

ART/ Ad = ps/Z 

The derivative corresponds to the slope on the plot shown in Fig. 3.4. From the slope, the 
sheet resistance of the semiconductor can be deduced.'The intercept corresponding to d = 
0 gives twice the contact resistance Re, since two contacts are being used for the 
measurement. Likewise, the intercept on the x-axis gives us twice the transfer length. 

The transfer length method was used to characterize the contacts and obtain the sheet 
resistance of the n-epilayer, using the HP4145 semiconductor parameter analyzer. Non 
ohmic contact characteristics were obtained on the I-V curves. To effectively utilize the 
TLM technique, the most linear part of the I-V curves was used to obtain the total 
resistance. Thus the TLM structures were swept to high voltages. Our interest in TLM 
measurement was essentially to obtain the sheet resistance from which the carrier 
concentration will be extracted. In conjunction with the Hall measurement data, the carrier 
concentration would be verified. The sheet resistance of the n-epilayer is given as 

ps= 1/nu.et 
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,^x where n is the carrier concentration, u. is the mobility, e is the electronic charge, and t is 
the thickness of the epilayer. If the mobility is known, then the carrier concentration can 
be computed as below 

n = 1/jipset 

The I-V curve for a 4H sample is shown in Fig. 3.5. The corresponding total resistance 
versus contact spacing is shown in Fig. 3.6. From the data analysis, a specific contact 
resistance of 2.55mQ/cm2, and a sheet resistance of 2&57Q. was obtained for 4H. If a 
mobility of 400 cmVVs is used, then this yields a carrier density of about 0.55el7/cm3. CV 
measurement done by Cree Research revealed a concentration of 1.0el7/cm for the 4H 
sample. Further CV measurements done at Purdue indicated that the carrier concentration 
in the 4H wafer was in the range of 1-I.5xl017/ cm3. This suggests that the carrier 
concentration obtained from the TLM measurement is not accurate. One possibility for the 
error could be the heating of the TLM structures at the high voltages needed to get into 
the quasi-linear position of the I-V curves, resulting in mobility degradation. By utilizing 
mobility values higher than the true value, lower carrier concentration will result. The 
structures were swept from 0 to 50V with peak current densities of 12.95kA/cm2. This 
was necessary, as pointed out earlier, to obtain the most linear part of the I-V curve. At 
these high voltages and current levels, appreciable transient and accumulative heating of 
the structures can result. To ininimize the mobility degradation, the HP 4145 was replaced 
with the pulsed system The pulsed system rendered the ability to use high voltages for 
short time intervals thus reducing the heating problem The results obtained from this 

j measurement technique tallied better with the CV measurements. 

Table 3.1 
Carrier concentrations obtained from TLM measurement using the pulsed system 
 1 -      ■ ;      T 

4H 
6H 

Carrier concentration / cm 
1.34el7 
l.lel7 

Mobilities of 400 cmVvs and 200 cm2/vs were used for 4H and 6H SiC respectively. In the 
next section, Hall measurements will be described. This will seek to verify the values 
obtained from the TLM measurements. 
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Contacts 

Fig. 3.3. TLM structure used to deduce- sheet resistance in the conductivity experiment. 
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Fig. 3.4. The above fieure illustrates how to extract thp. sheet resistance and contact resistance 
resistance versus spacing plot. 
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Fig. 3.5. The I-V curve obtained for 4H TLM structure using the HP 4145. Each curve 
corresponds to a certain contact spacing. 
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Fig. 3.6. Total resistance versus contact spacing. The sheet resistance was 2857Q 
("corresponding to slope of 28.57Q/m). And contact resistance of 255Q (intercept at d=0 
ofsioay 
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3.3 Hall Measurement 

The Hall effect was discovered by Hall in 1879. A comprehensive treatment of the subject 
is given by Putley[16]. By measuring the Hall effect, the carrier concentration can be 
determined. Magnetic field applied perpendicular to the current flow direction produces an 
electric field perpendicular to both the current flow and the applied magnetic field. 
Consider an n type semiconductor as shown in Fig. 3.7. The current I flows in the x- 
direction, indicated by the electrons flowing in the opposite direction, and a magnetic field 

B is applied in the z-direction. The magnetic field coupled with the electric current 
causes the electrons to deflect to the bottom of the semiconductor block as shown in Fig. 
3.7. The accumulation of charge on one side of the block causes a voltage to build 
between the two sides. The current through the block of semiconductor is given by 

I = qwtnvx 

where q is the charge of the carrier, w is the width of the sample, t is the thickness, n is 
the carrier concentration, and vx is the velocity of the carriers in the x-direction. The 
Lorentz force experienced by the electrons is given by 

F = q(E-vxB) 

There is no current flow in the y-direction hence there is no net force in the y-direction. 
This implies that 

Fy = 0 = q(Ey-VxB) 
Ey= Bvx=BI/qwtn 

The Hall voltage can be obtained by integrating the electric field in the y direction, hence 

VH = BI/qtn 

The Hall coefficient is defined as 

In more practical units 

RH = tVH/BI (m3/C) 

RH = 1081 VH /BI (cmVC) 

where RH is in units of cm3/C, VH is in units of volts, I is units of amperes, B is in gauss, 
and t is in cm. 
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Fig. 3.7. Demonstrating the Hall effect in n-tvpe material. 
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The carrier concentration (/cm3) is then given by 

n = l/qRH 

where q = -e. The above derivation assumes that the carriers have a uniform velocity. 
However, in a real semiconductor the carriers have a distribution of velocities. This comes 
about from the collision scattering and the distribution of energies of the carriers. Thus 
averages which account for the energy distribution and collision scattering have to be 
taken into account. Incorporating these averages results in a modified equation as shown 

below 

n = r/qRH 

where r is the Hall scattering factor. The Hall scattering factor lies between 1 and 2[17]. 
In this thesis the Hall scattering factor is neglected or it is equivalently set to 1. This is 
supported by the prevailing literature available on SiC, where Hall mobilities are quoted 
and not conductivity mobilities. Conductivity mobility is Hall mobility times the Hall 
scattering factor. 

Non uniformity of the carrier velocities is not the only effect that needs precaution in the 
Hall analysis. There are thermal effects associated during the measurement process and 
asymmetry of the structure that can affect the Hall analysis. Most of these effects can be 
eliminated by averaging a series of four readings at the polarity combinations of sample 
current and magnetic field [18]. The table below shows the four combinations that were 
used during the Hall analysis. 

Table 3.2 
Combinations of magnetic fields and voltages used in t the Hall analysis. 

"    Combination Polarity of Magnetic field * Polarity of current 

1 + + 

2 - + 

3 + - 

4 - - 

The following relation then gives the Hall voltage 

(cl - c2 - c3 + c4)/4 = VH 

As shown in Fig. 2.3, a cloverleaf geometry was used for Hall measurement. The main 
advantage of this structure is that the non ideal contact effects are reduced by removing 
the contacts away from the active region [19]. Before the Hall analysis could be 
performed, the samples had to be packaged. Initially, bonding to the small nickel contacts 
was unsuccessful. After depositing 500 angstoms of gold, bonding to the contacts on the 
Hall structures was achieved. The Hall setup available in the lab was used, the schematic is 
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Wß) shown in Fig. 3.8. The maximum magnetic field produced from the system was 5kG. 
Moderate currents were passed through the sample to reduce heating and its associated 
thermal effects. Typical voltages of 10mV were applied, with a lOOfl resistor in series for 
current monitoring, producing ^lA range current. The Hall analysis was repeated a number 
of times for both the 4H and 6H samples and was found to give identical numbers. The 
profile obtained from CV measurements were limited by the breakdown voltage of the 
Schottky barrier. For the present doping range, 0.5nm deep profile was measured. Figures 
3.9 and 3.10 show the CV profiles from Cree Research. The table below summarizes the 
results from the Hall measurements and the CV measurements. 

Table 3.3 
Carrier concentrations obtained using different measurement techniques.  

Hall 
TLM 

CV (Cree) 
CV (Purdue) 

6H 
1.2el7/cmJ 

l.lel7/cirf 
1.4-1.5el7/cm3 

1.4-2.0el7/crrf 

4H 
1.4el7/cm3 

1.34el7 cm3 

1.0-1.4el7/cm3 

1.0-1.5el7/cm3 

The thickness of the epilayer was verified from the SIMS measurement performed by Cree 
Research. The uncalibrated SIMS plots are shown in Fig. 3.11 and Fig. 3.12 for 4H and 
6H respectively. Carrier concentrations obtained from Hall measurement were deemed 
most accurate based on their repeatability. 
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^ (voltage) 

^(magnetic Field) 

Hall Voltag< 

Fig. 3.8. Circuit used in measuring the Hall voltage. Carrier concentration of the n-epilayer wil 
be determined from this measurement. 
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4. VELOCITY FIELD DATA 

Chapter 4 will present the data taken from the electrical setup described in the previous 
chapter. This will be. followed by a discussion of the data. Adjustments to the measuring 
technique will be discussed next. The chapter will finally conclude with the errors 
associated with the measurement process and a method developed to determine the 
validity of the velocity field data. 

4.1 Initial Velocity Field Data 

The procedure for measurement has already been described in Chapter 3, Section 3.1. 
Essential points will be restated here again. Firstly, note that the inner two probes of the 
scope measure the voltage across the channel. The field is then simply obtained by dividing 
the voltage with the channel length. Secondly, the current through the channel is 
monitored through one of the probes of the oscilloscope (see Fig. 3.1). Figure 4.1 is the 
plot of the current through the channel as a function of time and the field across the 
channel. As can be seen from the plot, the current through the channel increases linearly 
up to a certain value of the field, indicating linear ohmic characteristics. After a certain 
field the increase in the current level is not linear with the increase in voltage. Non-ohmic 
characteristics of the channel implies that the velocity of the carriers(electrons) is not 
linearly related to the applied electric field. Note that at these high fields there is no 
increase in the current level with time. An increase in current with time was experienced 
by Bray during his conductivity experiment on germanium [20]. The effect was 
erroneously interpreted as negative temperature dependence of resistivity. After careful 
investigations by Ryder and Shockley, they explained the increase in current due to excess 
injection of holes from the contact [21]. Conductivity modulation can occur if the metal 
contacts are in close proximity of high fields. By physically placing the ohmic contacts 
further from regions of high field, in this case being the channel, conductivity modulation 
can be avoided. 

From Fig. 4.1, at higher fields the current begins to fall as a function of time. Current 
degradation due to heating of the channel at these high fields and current levels is a 
probable explanation. For extracting the velocity of the carriers, the magnitude of the 
current is required. For low fields, the current is constant as a function of the time, but at 
high fields the current is not a constant function of time. At these high fields the current 

4* 



-34- 

|§5| value corresponding to the earlier part of the pulse is considered, since this is the least 
affected by the heating transients. Once the value of the current is known, extracting the 
carrier velocity is accomplished by using the following relation 

v = I/qntw 

where I is current measured from the scope, q is the electronic charge, n is the carrier 
density obtained from the Hall analysis, t and w are the thickness and the width of the 
channel. 
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Fig. 4.1. Degradation of current through the channel C6H. 10x10 constriction) in the time 
domain for different voltages applied over the channel. 
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It is worth mentioning that the thickness of the channel corresponds to the thickness of the 
epilayer, and was verified with SIMS measurement. The width of the channel was verified 
with SEM pictures of the test structure. SEM pictures for each test structure were not 
taken, rather a number of measurements were taken on the same wafer and the average 
was computed. SEM pictures of the 5x5 and 10x10 channels are shown in Fig. 4.2. The 
table below contains the average values for the width and the length of the channels. 

Table 4.0 
Average length and width of the channels. 

Type of channel Dimensions 6H 4H 
5x5 length 4.69microns 4.37rrricrons 

width 4.84microns 5.00microns 
10x10 length 9.85microns 9.85microns 

width 9.38microns 9.38microns 

Knowing all the parameters, the velocity of the electrons as a function of the applied field 
can now be obtained. Such a plot is shown in Fig. 4.3. Looking at the resulting plot the 
following observations can be made. 

• At high fields there appears to be a negative differential mobility, as in gallium 
arsenide. 

• The saturated drift velocity is not just dependent on the polytypes, but also on the 
channel dimensions. 5x5 and the 10x10 channels of the same polytype differ in their 
saturated drift velocities. 

The mere discrepancy of data due to channel dimensions suggests that there is an error in 
the measurement procedure. Detailed investigations reveal the following errors. 

• Trie effect of the voltage drop between the channel and the inner contact on the 
applied field is not negligible. The resistance between the channel and the inner contact 
is quite significant and is referred to as the "end resistance". 

• At high fields, the heating transients are much larger, hence the current drops much 
quicker as a function of time. It will be shown in Section 4.3 that the present 
measurement setup was unable to monitor these quickly changing current levels. 
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Fig. 4.2. SEM pictures of the 10x10 and 5x5 channels. 
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4.2 End Resistance 

The end resistance correction will play a big factor in accurately determining the 
mobilities, the low field, and the high field velocity data for both the polytypes. End 
resistance originates from the current paths that exist as the electrons enter and exit the 
channel Under the assumption that the bulk mobility of the electrons is isotropic the 
current paths can be approximated by a trapezoid as shown in Fig. 4.4. The problem 
reduces to evaluating the resistance of this trapezoidal piece of semiconductor. 

Channel side Contact Side 

— X 
Bisecting line 

Fig. 4.4. Model used to compute the magnitude of the end resistance 

Consider the block of semiconductor between the inner contact and channel, as shown 
above. Current flow is in the xy-plane. The resistance of half of the block is obtained by 
using the basic relationship for the resistor 

dRi = {p/t}{dx/(w/2 + ax)} 

where Rr is the resistance of half of the block as shown above, t is the thickness of the 
block, w is the width of the block, S is the length, 9 is the spreading angle, and a - tan9. 
By integrating the right side from 0 to S we obtain the resistance. 

Rt = (p/ta)ln(l + 2aS/w) = R2 
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Total resistance of the block is given by 

1/RE = 1/ Ri + 1/R2 

Hence the following relation gives RE the end resistance 

RE = (p/2ta)ln(l + 2aS/w) 

With isotropic mobilities, the angle 9 is 45° hence a = 1. The width of the block 
corresponds to the width of the channel SEM pictures were used to measure the spacing 
between the channel and the metal contact. The average measured values are presented 

below. 

Table 4.1 
List of the average spacing between the inner contact and the constriction 

Channel type 
10x10 Spacing 
5x5 Spacing 

6H 
10.00 microns 
13.12 microns 

4H 
10.00 microns 
10.31 microns 

The total resistance between the inner two contacts is the sum of the resistance due to the 
channel and the two end resistances (see Fig.4.5). The resistance of the channel is always 
greater then the end resistance. At high fields the resistance of the channel becomes non 
ohmic. The end resistance, in this development, is assumed to approach non ohmic 
characteristics in the same manner. If Vm is the voltage measured between the contacts, 
then the field on the channel is given by 

E={Vm/L}{R/(R+2RE)} 

It is easy to see that the end resistance provides a correction factor for the measured field 
over the channel. 

R/(R+2RE) = l/{l+(w/l)ln(l+2S/w)} 

The table below shows the computed correction factors. 

Table 4.2 
Computed correction factors for the two polytypes. 

(4) 

Channel type 
5x5 

10x10 

6H 
0.392 
0.486 

4H 
0.412 
0.486 
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Fig. 4.5. Shows the current spreadine around the channel and subsequently the end resistance 
correction required to account for this voltage drop. 
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4.3 Measurement Setup Revisited 

The errors resulting from the pulsed four-probe method were subtler. As pointed out 
earlier, the high field data showed dependence on the channel dimensions. Greater heating 
transients caused the current and hence the velocity of the electrons to go down sharply 
with time. With the four probe measurement, there is probe-to-probe, and intrinsic probe 
capacitance. This capacitive network serves as a low pass filter. The filter dampens the 
magnitude of the high freqeuncy components of the current pulse. The sharply decaying 
current level, often appearing as a current spike, primarily consists of very high frequency 
components. Thus the low pass filter prevents the scope from detecting the earlier part of 
the current pulse. By removing the two inner probes this problem was minimized. 
However, due to their removal the voltage over the channel cannot be monitored. The 
problem is further compounded by the non-ohmic contacts. The knowledge of the contact 
resistance can enable the determination of voltage drops adjacent to the channel. It is 
important to note that the four-probe measurement can be done at low fields. The heating 
transients are much less, hence the current level doesn't fall sharply in the time domain. 
This fact is highly useful, since it allows for the voltage-current characterization of the 
regions containing the non-ohmic contacts at low fields. This voltage drop versus current 
information, at low fields, can then be extrapolated to higher fields. Figures 4.6 and 4.7 
help in illustrating the process. Specifically, the current-voltage characteristics between 11- 
12, and 13-14 are obtained at low fields. At higher fields the probes on 12 and 13 have to be 
removed. To obtain the voltage drop between 11-12 and 13.-14, the voltage data obtained 
from lower currents is extrapolated to higher current levels. In essence, a lookup table is 
established for each test structure. This enables the determination of the voltage drops 
adjacent to the channels for a given value of the current. By subtracting these voltage 
drops from the total voltage, and multiplying the result by the correction factor, the field 
over the channel is obtained. 

Four^probe measurement could be used for fields up to 3e4V/cm Beyond this field two- 
probe measurement was used. After these adjustments, the velocity field data of the 
electrons did not manifest variations due to the difference in the dimensions of the channel. 
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Fig. 4.6 Isometric view of the test structure 
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applied voltage in order to determine the field over the channel. 
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?$y 4.4 Depletion Region 
Depletion of the channel reduces the total number of carriers in the channel. This depletion 
region results from the reverse bias of the pn junction, as explained in Section 2.0. To 
obtain the change in the carrier concentration, numerical calculations were done. The 
abrupt pn junction model was used to obtain the spreading of the depletion region into the 
channel for a given applied voltage. The depletion region at the ground end was assumed 
to be negligible (see Fig. 2.1). Linear voltage drop over the channel is assumed 

\|/ = Ex (5) 

where \|/ is the voltage, E is the field over the channel, and x is the distance from the 
ground (Fig. 2.1). From (3), the depletion region into the n-channel is given by 

w = [2£s\|/Na/eNd(Nd+Na)]
1/2 (6) 

Substituting (5) into (6), and integrating from 0 to 1 gives 

a = [2es ENa/eNd(Nd+Na)]
m (2/3)l3/2 (7) 

where a is the area of the depletion region in the channel, and 1 is the length of the 
channel. The new carrier density of the channel is 

nd=(l-r)Nd (8) 
where 

a 
r = 

l*t 
(9) 

and t is the thickness of the channel. From (2), the correct drift velocity of the electrons is 
then - 

D = —v (10) 
\-r 

4.5 Velocity Field Data 

The experimental velocity field data, adjusted for end resistance and the depletion region, 
is shown in Fig. 4.8 for 4H SiC, and Fig. 4.9 for 6H SiC. The linear plots are shown in 
Figs. 4.10 and 4.11 for 4H and 6H respectively. Figs. 4.12 and 4.13 illustrate the change in 
the velocity of the electrons when the depletion correction is made, while Fig 4.14 plot the 
values for r as function of field for 4H and 6H respectively. The highest saturated drift 
velocity of the electrons measured in 6H was about 1.8 x 107 cm/s and about 1.7 x 10 
cm/s in 4H SiC. The highest fields observed before the channel breakdown were about 
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Drift velocity Vs applied Field in 4H SiC with depletion correction 

10 
Field v/cm 

Fig. 4.8. Velocity Field relationship in 4H SiC. Solid lin«, test fit to data using equation 
fin. Circles represent data from 5x5 channels the, rest from 10x10 channels. 
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x10 Drift velocity Vs Field in 4H with depletion correction 
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Fig. 4.10. Velnr.itv Field relationship in 4H Sir. Solid line, best fit to data using equation 
n 1V Circle?; represent data from 5*5 channels the rest from 10x10 channels. 

tet 



ö 
-48- 

x10 Drift Velocity Vs Field in 6H with depletion correction 

1.5 
Field v/cm x10 

Fig. 4.11. Velocity Field relationship in 6H SiC. Solid line, best fit to data using equation 
n IV Circles represent data from Sx5 channels and the rest from 10x10 channels. 
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x10 
Drift velocity Vs Field in 4H 

1.5 
Field v/cm x10 

Fig 4 12 Velorirv Field relationship in 4H SiC with no deletion correction. Solid line, 
best fit to data usinp equation fin Circles represent data from 5x5 channels the rest from 

10x10 channels. 
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x10 
Drift Velocity Vs Field in 6H 

1.5 
Field v/cm x10 

Fig. 4.13. Velocity Field relationship in 6H SiC with no depletion correction. Solid line, 
best fit to data nsinp equation (\ IV Circles represent data from 5x5 channels and the rest 

from 10x10 channels. 

feS 



#t 

-51- 

30 
Percentage increase in velocity due to depletion correction as a function of field 

20- 
CD 
CO 
CO 
CD 

Ü 
C 

CD  IK 

CO -•—» 
c 
CD 
Ü &— 
CD 

CL 
10 

0 
0 

SH     ^^ 

4H       ^^ 

0.5 1.5 
Field 

2.5 

x10 

Fie. 4.14. Plot of the percentage increase in velocity d00*r/1-r of (9V) as a function of 
applied field. 

Lelr 



-52- 

of electrons measured in 6H(4H) was about 1.8 x 107 cm/s(1.7 x 10 cm/s). The highest 
fields observed before channel breakdown were about 2.6 x 10 V/cm. At these high 
fields, sharp increases in the current level sporadically located through the pulse were 
observed on the oscilloscope. These sharp increases in the current level are primarily due 
to breakdown of the channel Fluorinert was used to cover the structure and the probe 
tips. It has a breakdown field of 1.7x 105 V/cm, much higher than air[22]. With further 
pulsing the channel, at these high fields, the spikes begin to dominate the current pulse. 
Upon examination of the channel, a burnt track usually in the middle of the channel is 
observed. Impact ionization, resulting in increase in the number of carriers, can probably 
explain the increase in current[23]. Due to the large power densities, overheating of the 
channel can cause it to burn. Similar burnt tracks were also observed by Gunn during his 
conductivity experiment on germanium[ll]. He explained the breakdown mechanism due 
to material thermal instability. 

The experimental velocity-field data were fit with the following empirical relation 

v(E) = M.E/{l+0iE/vsy}1/a (ID 

where v is the velocity of the carrier, E the electric field, \i is the mobility, vs is the 
saturated drift velocity of the carriers and a is the dimensionless fitting parameter. Table 
4.3 below shows the best fitting parameters for Figs. 4.8 and 4.9. Table 4.4 shows the 
fitting parameters for Figs. 4.12 and 4.13(no depletion correction). 

Table 4.3 
List of parameters used in the empirical relation for Figs. 4.8 and 4.9. 

a 

V- 

4H 
0.95 

400 cm7vs 
2.2xl07cm/s 

6H 
1.6 

200 cm7vs 
2.3xl07cm/s 

Table 4.4 
List of parameters used in the empirical relation for Figs. 4.12 and 4.13. 

a 

vs 

4H 
0.825 

400 cmVvs 
2.08xl07cm/s 

6H 
1.09 

200 cmVvs 
2xl07cm/s 
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The only other determination of the saturated electron drift velocity was done by von 
Muench and Pettenpaul in 1977. Figure 4.9 shows their data superimposed on our present 
velocity field data. They utilized the same conductivity technique, and obtained a saturated 
drift velocity of 2xl07 cm/s on 6H epilayers. This is slightly higher than the present 
measurements. The mobilities measured on these epi layers are slighdy lower than those 
reported by Cree for similar dopings. 
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5. CONCLUSION AND RECOMMENDATIONS FOR FUTURE 
WORK 

5.1 Conclusion 

The final velocity field data for electrons, in the basal plane perpendicular to the c-axis, in 
both 4H and 6H SiC is presented. Essentially, the experiment conducted by von Muench 
and Pettenpaul on the velocity field relation of electrons in 6H SiC is repeated on epilayers 
grown over substrates grown by the modified sublimation process. New data has been 
measured on the velocity field relationship for electrons in 4H SiC. In performing these 
experiments, various pitfalls and non-ideal effects were discovered. 

The major subtle pitfall encountered, in these experiments, were the heating transients. 
Eradication of this problem, as outlined in Section 4.3, utilized a combination of short high 
voltage pulses and probing techniques: Non ohmic contacts required careful extrapolation 
of the current voltage data to subtract the contact resistance. 

The end resistance correction, as outlined in Section 4.2, was of great importance in 
determining accurately the field over the channel. The metallurgical junction between the n 
epilayer and the p epilayer creates a depletion region in the channel when high positive 
voltages are applied to the n epilayer. A simple mathematical method is used, as presented, 
in Section 4.4, to incorporate the reduction of the number of free carriers when extracting 
the value of the velocity of electrons from the current flowing through the channel. 

5.2 Future Recommendations 

The corrections and extrapolations mentioned above do however introduce some errors in 
the data and furthermore, the difference between v. Muench and Pettenpaul data and the 
present results suggests that further studies on the velocity field relationship are required. 
A different approach, preferably time of flight technique, could be used to study the high 
field electron transport in silicon carbide. Accurate determination of the carrier 
concentration and end resistance effects are eliminated in the time of flight technique when 
compared to the conductivity measurement. 

Within the domain of conductivity measurement, a uniform slab of semiconductor with 
contacts at both ends can be used in the future instead of the dumb bell structures used in 
this experiment. With such a structure the uncertainties in the voltage drop due to the 
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■*''") spreading resistance is avoided. Gunn used a similar structure in his conductivity 
experiment on germanium Fabricating such a uniform piece of semiconductor from 
epilayers with sizable contacts might present other challenges. For instances, channels with 
bigger cross sectional area will require bigger systems to provide higher instantaneous 
power. Furthermore, the heating transient effects will be more prominent at these higher 
power levels. 

Improvements can be made to the present measurement technique. The itemized list below 
highlights the various points. 

(i) The correction factor (4), due to the end resistance, can be brought closer to unity 
by reducing the spacing S and the width W, while increasing the length of the 
channel Figure 5.1 shows the plot of (4) for varying length and width dimensions. 
The effect of these variations on the correction factor is shown in Fig. 5.2. 

(ii) Thicker epilayers can ensure that the fractional effect (10) of the depletion 
extension into the channel, resulting in the change in the carrier concentration, is to 
a minimum. Performing the conductivity experiment on n epilayers that are grown 
on fully insulating material will eradicate the depletion region from the channel. 

(iii) Errors due to the non ohmic contacts can be eliminated by incorporating a high 
dose implantation step. 

\ There is no data on the velocity field relation of holes in both 4H and 6H SiC. Similar 
' experiments, as outlined in this thesis, can be done on p epilayers. An added complexity 

with these experiments, will be the low activation rate of holes and its sensitivity to 
temperature. Due to the heating transients, there can be a substantial change in the number 
of free carriers. 

Finally, particularly important to devices that utilize vertical FETs, there is no 
experimental data available on the velocity field relationship of electrons and holes in 4H 
and 6H SiC parallel to the c-axis. Conductivity experiments can be done to determine the 
velocity field relationship of electrons and holes parallel to the c-axis. 
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Fig. 5.1.Variation of end resistance with width and length of the channel for a given 
spacing. 

10 

Correction Factor Vs spacing 

w,l=5(microns) 

6 7 
spacing s (microns) 

10 

Fig. 5.2.Variation of correction factor with width and length of the channel for a given 
spacing. 
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We report recent measurements of the drift velocity of electrons parallel to the basal 

plane in 6H and 4H silicon carbide (SiC) as a function of applied electric field. The 

dependence of the low field mobility and saturated drift velocity on temperature are also 

reported. The highest measured drift velocities at room temperature are 1.8x10 cm/s in 

6H-SiC and 2.1xl07 cm/s in 4H-SiC. 

Key words : Drift velocity, saturation velocity, nonlinear transport. 

Introduction 

Single crystal wafers of SiC grown by the modified sublimation process have only 

been commercially available since about 1990, and many of the fundamental electrical 

properties of SiC have not been fully characterized. This presents serious problems to 

device engineers, since it is difficult to predict the performance of device structures 

without knowledge of the basic electrical parameters. 

One of the most important parameters is the relationship between the drift velocity 

of electrons and the applied electric field. At low fields, velocity increases linearly with 

field, v = |iE, where \i is the electron mobility.   At higher fields the velocity increases 
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sublinearly with field, and at sufficiently high fields the velocity saturates. The first 

measurements of the high-field drift velocity of electrons in SiC were performed by v. 

Müench and Pettenpaul [1] in 1977 on Lely crystals of 6H-SiC. They reported an 

electron saturation velocity of 2x107 cm/s parallel to the basal plane at room temperature. 

In this paper we present new measurements of the drift velocity of electrons in 6H-SiC 

and the first measurements of electron velocity in 4H-SiC, with data at both room 

temperature and elevated temperatures. 

There are two general techniques of determining the drift velocity as a function of 

electric field: the conductance technique and the time-of-flight technique. The 

conductance technique is used by v. Müench and Pettenpaul [1], and is also employed in 

the experiments reported here. In this technique, the drift velocity of electrons is inferred 

from measurements of the conductivity of an n-type neutral region at high fields. The 

electron drift velocity is given by 

V   = J— (1) 
q w nt 

where / is the current through a region of width w and thickness t, n is the electron 

density, and q is the electronic charge. Accurate determination of the drift velocity 

requires precise knowledge of the physical dimensions w and t, and the carrier density n. 

Device Fabrication 

Test structures are fabricated on the (0001) face of 4H and 6H-SiC wafers obtained 

from Cree Research, Durham, NC. Starting substrates are 35 mm diameter, heavily- 

doped p-type (aluminum). The 6H substrates are oriented 3.5° off-axis and the 4H 

substrates are oriented 8° off-axis. Two epilayers are grown on these substrates. The 

first epilayer is 8 urn thick, doped p-type 5xl015 cm"3 with aluminum. The second 

epilayer is n-type, doped lxlO17 cm"3 with nitrogen. On some wafers, the n-type epilayer 

is 1 (im thick and on other wafers it is 4 |im thick. Isolation trenches 1.5 (5) (im deep are 
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formed by reactive ion etching in SF6 with an Al (Ni) etch mask. The resulting sidewalls 

are clean and vertical. The trench defines constrictions in the n-type epilayer, as 

illustrated in Fig. 1. Constrictions of dimensions (width x length) = 5x5, 5x10, 5x15, 

10x10, and 10x15 UMn are included on the die. Ni ohmic contacts are deposited by E- 

beam evaporation, patterned by lift-off, and annealed in argon at 900 °C for 2 minutes. 

Ohmic contacts on the 1 (im thick epilayer samples were found to be slightly non-ohmic, 

so a high dose (lxlO19 cm"3) nitrogen implant is performed in the contact regions on the 4 

(im thick epilayer wafers before Ni deposition. This implant is annealed at 1400 °C for 

18 minutes in argon. Doping-thickness (n*f) products are obtained on each sample from 

Hall measurements, and are listed in Table 1. In these calculations, the Hall scattering 

factor rH is taken to be unity [2]. The (n't) values in Table 1 agree well with TLM 

measurements. The lateral dimensions of the constrictions are determined within an 

accuracy of ± 10% from SEM photographs of the completed structures. Epilayer 

thickness and the uniformity of doping with depth are verified by SIMS analysis. The 

nitrogen concentration in the n-type epilayer is uniform within about + 10% as a function 

of depth from the surface to the bottom of the n-type epilayer. 

l|im epilayer wafer 

(nt) cm"2 

4 |im epilayer wafer 

(nt) cm"2 

6H 1.2xl01J 3.6x10" 

4H 1.4xl013 2.4x10" 

Table 1. Electron density • thickness product obtained from Hall analysis for four wafers 

at room temperature. 

Measurement Procedure and Data Reduction 

The experimental devices are tested in wafer form by probing in a shielded, light- 

tight probe station. To prevent arcing at high fields, the samples are probed while 

immersed in Flourinert.   The measurement apparatus is shown in Fig. 2.   To minimize 
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transient heating, bias pulses are applied across the outer contacts Li and L4 using a 

Directed Energy GRX 1.5 K-E high-voltage pulse generator, driven by a Power Device 

Specifics HV-1565 high-voltage DC power supply and triggered by a Hewlett-Packard 

HP-214A pulse generator. Bias pulses of 10 - 40 (is duration are applied in the low field 

regime (<104V/cm), while shorter pulses in the range 75 - 200 ns are used at higher 

fields (>104V/cm). The voltage drop across the constriction is monitored by the 1 MQ 

inputs of a Tektronix 11401 digitizing oscilloscope connected to inner contacts L2 and L3, 

and the current through the constriction is calculated from the voltage drop across the 50 

Q oscilloscope input connecting L4 to ground. To conduct measurements at elevated 

temperatures, the sample is mounted on a heated chuck. The temperature at the top 

surface of the heated chuck is monitored using a thermocouple. The drift velocity is then 

obtained from (1). 

The electric field in the constriction is calculated from the voltage drop across the 

inner contacts, with correction for the end resistance R2 and R3 between the inner 

contacts and the channel. Figure 3 illustrates how the end resistance is calculated. 

Assuming that current flow is confined to the dashed region in Fig. 3, the end resistance 

can be expressed as 

p I,    2 s TanO 
R       =  1  in\ 1 + —-LJ- , 

END      2tTan(6)      { w ) (2) 

where p is the sheet resistance of the n-type epilayer, t is the thickness of the epilayer, J is 

the spacing between the inner contact and the constriction, w is the width of the 

constriction, and 9 is the current spreading angle. In this calculation, 6 is calculated from 

the dimensions h, s, and w, with the assumption that electron mobility is isotropic in the 

basal plane of both 6H and 4H SiC. 

At high fields, sample heating causes the current (and hence the inferred electron 

velocity) to decrease with time during the bias pulse, as shown in Fig. 4. To minimize 

the effects of transient heating, measurements must be made very early in the pulse. 
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With the four-probe configuration, parasitic probe-to-probe capacitance limits the rise 

time of the bias pulse, making it difficult to obtain data early enough in the bias pulse. 

For this reason, measurements at high fields (>3xl04 V/cm) are performed with the two 

inner probes L2 and L3 removed. In this configuration, the voltage across the constriction 

cannot be monitored directly. In this case, we use knowledge of the contact and parasitic 

series resistances to calculate the voltage drop across the constriction. These resistances 

are directly measured on the experimental device using the four-probe configuration at 

low fields. Figure 5 illustrates the process. First, the impedances (RCi + Ri) and (RC4 + 

R4) are obtained from four-probe measurements at low fields (no current flows through 

Rc2 and RC3 due to the high impedance probes on L2 and L3). At higher fields, the 

probes on L2 and L3 are removed and the voltage drops across (Rci + Ri) and (RC4 + R4) 

are calculated from the measured current and known impedances. These voltage drops 

are then subtracted from the measured voltage between probes Li and L4 to obtain the 

equivalent inner probe voltage drop. 

During the experiment, high positive voltages are applied to the n-type epilayer to 

create high fields. These voltages reverse-bias the pn junction and create a depletion 

region in the n-type epilayer. Depletion of the channel reduces the total number of 

electrons in the channel, and this must be accounted for in calculating the velocity using 

(1). A first-order estimate of the electron density in the n-type channel is given by 

n " = (1 -r) n (3) 

where n  is the revised carrier density, n is the original carrier density, and r is the ratio 

between the depleted cross section and the /• / product, given by 

2esENAl 
3t\j   qND(ND+NA) (4) 

Here t is the thickness of the n-type epilayer, / is the length of the constriction, es is the 

permitivity of SiC, E is the electric field in the constriction, ND is the doping of the n-type 
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epilayer, and NA is the doping of the underlying p-type epilayer. From (1), the corrected 

drift velocity for electrons is then 

v*  = 
1 - r (5) 

This correction is important for samples with 1 |im thick n-type epilayers, but is much 

less significant for samples with 4 |im thick n-type epilayers. As will be shown, 

comparison of data from both types of samples indicates that the above correction 

procedure is valid. 

Experimental Results 

The highest fields reached in this experiment are approximately 3.5x105 V/cm. 

Above this field, sharp transients in the current are observed during the bias pulse. With 

continued pulsing, a burned track is often observed running down the middle of the 

constriction. This effect limits the maximum fields in this experiment, both at room and 

elevated temperatures. 

The experimental drift velocities obtained from several constriction geometries and 

from two epilayer thicknesses (1 and 4 |im) are shown in Figs. 6 and 7 for 6H and 4H- 

SiC respectively. The solid curves represent empirical fits using the equation 

v(E) = 

11E 

1 + 
HE 

\    S  J 

(6) 

where v is the electron velocity, E the electric field, ß the mobility, vs the saturated drift 

velocity, and a is a dimensionless fitting parameter. Table 2 lists the fit parameters for 

the solid curves in Figs. 6 and 7. 
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Temperature Parameter 6H 4H 

23 °C 

ß 215cmz/Vs 450 CITIES 

Vs 1.9xl0'cm/s 2.2xl0/cm/s 

a 1.7 1.2 

135 °C 

ß 120 cm'/Vs - 

vs 1.4xl0'cm/s - 

a 2.5 - 

320 °C 

j" 56 crn^/Vs 130 ciriVVs 

v. l.OxlO'cm/s 1.6xl0'cm/s 

a 4.0 2.2 

Table 2. Parameters used in (6) to fit the experimental velocity-field data. 

The highest velocities actually measured at 23 °C are 1.8xl07 cm/s for 6H-SiC and 

2.1xl07 cm/s for 4H-SiC. Fitting to the empirical equation (6) yields estimated saturation 

velocities of 1.9xl07 cm/s for 6H-SiC and 2.2xl07 for 4H-SiC, respectively. At higher 

temperatures the saturation velocities are not well determined by our measurements 

because data could not be obtained at sufficiently high fields. The solid curves in Figs. 6 

and 7 were not obtained by a least-squares fit, but rather by manual variation of the fitting 

parameters. No claims are made as to the physical significance of the fitting parameters, 

and equation (6) is regarded only as a useful mathematical representation of the measured 

data. 

The mobility values at 23 °C in Table 2 are about 25% lower than Hall mobilities 

reported for n-type epilayers of the same doping by Schaffer, et al. [3]. The reason for 

this discrepancy is not known, but it is not thought to be due to sample heating, since at 

these low fields (< 10 kV/cm) the measured current does not decrease with time during 

the bias pulse, as shown in Fig. 4. 
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Conclusions 

In summary, we report new measurements of electron drift velocity in 6H-SiC and 

the first measurements of electron velocity in 4H-SiC. The electron saturation drift 

velocity at room temperature is 1.9 (2.2) xlO7 cm/s in 6H (4H) SiC. At 320 °C the 

electron saturation velocity is 1.0 (1.6) xlO7 cm/s in 6H (4H) SiC. 
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Figure Captions 

Figure 1.   Isometric representation of the test structure. 

Figure 2. Schematic of the measurement circuit. Bias pulses are applied across the 

outer contacts of the n-type epilayer. The voltage drop across the constriction 

is monitored using high impedance oscilloscope inputs connected to the inner 

contacts, and the current is obtained from the voltage drop across the 50 Q 

oscilloscope probe connected to contact L4. 

Figure 3. Top view of the region between the inner contacts, including the constriction. 

The spreading end resistances R2 and R3 between the inner contacts and the 

constriction are calculated using eqn. (2). 

Figure 4. Transient current waveforms for several bias pulse voltages for the 10x10 

constriction on the 1 (im thick 4H-SiC sample at room temperature. Notice 

the rapid decrease in current with time at the highest fields. In these cases, the 

current reading is taken at the earliest possible point in the bias pulse. 

Figure 5. Equivalent circuit illustrating the measurement of electric field within the 

constriction. Rci - Rc4 represent impedances of the ohmic contacts to the n- 

type epilayer, and are slightly nonlinear on the 1 |im epilayer samples. 

Resistances Ri and R4 are spreading resistances between the outer and inner 

contacts on each side of the constriction, and resistances R2 and R3 are 

spreading resistances between the inner contacts and the constriction. L2 and 

L3 are connected to 1 MQ inputs to the oscilloscope, and negligible current 

flows through impedances Rc2 and Rc3- 

Figure 6. Drift velocity of electrons parallel to the basal plane in (0001) 6H-SiC. At 23 

°C, gray circles are constrictions with (width x length x thickness) = (10 x 10 

x 1 urn), open circles are (10 x 10 x 4 urn), triangles are (5 x 15 x 4 um), 
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squares are (5 x 5 x 4 |j.m), and diamonds are (5 x 10 x 4 (im). At 135 °C, 

closed circles are (10 x 10 x 4 uvm). At 320 °C, open circles are (10 x 10 x 4 

U\m). Solid lines are fits to the data at each temperature using empirical eqn. 

(6) and the fitting parameters in Table 2. 

Figure 7. Drift velocity of electrons parallel to the basal plane in (0001) 4H-SiC. At 23 

°C, open circles are constrictions with (width x length x thickness) = (10x10 

x 4 (im), and triangles are (5 x 15 x 4 |im). At 320 °C, closed circles are (10 x 

10 x 4 |im). Solid lines are fits to the data at each temperature using 

empirical eqn. (6) and the fitting parameters in Table 2. 
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Electron Beam Induced Current Investigations of Epitaxial 4H Silicon Carbide 

EBIC was used to quantify the diffusion length variations in epitaxial 4H SiC. This 

technique is ideally suited for epitaxial material, due to it's spatial sensitivity and near surface 

sensitivity. This implies that diffusion lengths determined by EBIC will accurately reflect such 

effects as epitaxial minority carrier lifetimes in the epitaxial films, recombination at surfaces, 

and at the epi/substrate interface. This is important for device modeling, so that these effects, 

present in actual devices, are not overlooked. 

Compared to other techniques used for minority carrier lifetime determination, such as 

time resolved photoluminescence, infrared pump-probe and contactless photoconductive decay, 

EB1C-DLM gives a better understanding of the variation of lifetime with position on the wafer. 

EB1C-DLM is not limited to observation of either long lifetime components due to saturation of 

a recombination mechanism at high injection, or increased sensitivity of the technique to longer 

lifetime components. 

The results of some of the EBIC measurements on 4H epitaxial silicon carbide performed 

during this program are summarized in figures 1-8. Figures 1 and 2 are EBIC images at 100 and 

200 x magnification, while figures 3 and 4 are the corresponding diffusion length maps. The 

diffusion length maps were developed as described in a previous quarterly report for this project. 

Note in all images the banded regions of different quality. This non-uniformity highlights one 

of the EBIC techniques advantages. Specifically, it's spatial resolution is excellent. Note that 

the diffusion length maps indicate an average diffusion length of-1 micron, with significant 

variation in the lower magnification image.  Indeed values as high as 4 microns are observed. 

Figure 4 shows that even within the narrow region observed at 200 x magnification, full width at 
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half maximum (FWHM) variations are on the order of 50% of the mean value. This implies 

significant local variation in impurity concentrations. 

A second 4H epitaxial silicon carbide sample of better quality was also examined. This 

sample indicates higher average diffusion lengths on the order of ~2 microns. However, within 

this sample, the variation in diffusion length is approximately +/- 25% of the FWHM (see 

histogram in figure 7). Note also that the predominate defect in these images are linear arrays of 

"spots" these may be dislocations, or defects that decorate the step edges during epitaxial 

growth. This particular sample was grown on a misoriented substrate. Thus, step edges are 

present in the direction toward the miscut. Figures 6 and 8 are images at higher magnification 

(2000 x). These indicate a clear spotty behavior. We have observed such behavior in edge film 

grown silicon and have attributed it to individual dislocation activity based on etch pit studies. 

Thus, the nature of the defect remains unclear. 

In this program, we have shown that EBIC can successfully and quantitatively 

distinguish between good and bad material and provide information on the structure of device 

limiting defects. Significant variation in the epitaxial material investigated was observed, both 

on the microscopic scale and the macroscopic scale. The spatial resolution of EBIC-DLM has 

been used to image individual defects presumed to be dislocations or decorated growth step 

edges. In future work, it is possible that the electrical activity of these defects could be 

examined at each step of the device process sequence, revealing the electrical activity of the 

defects as a function of processing. 
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Figure 2 EBIC image of Sample El at 
200X magnification. 

Figure 3 Diffusion Length image of 
Sample El at I00X magnification. 

Figure 4 Diffusion Length image of 
Sample El at 200X magnification. 
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Figure 5 EBIC image of epitaxial 4H 
SiC at 200 x magnification. 
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Figure 6 EBIC image of epitaxial 4H 
SiC at 2000 x magnification. 
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Figure 7 Diffusion length image ol 
epitaxial 4H SiC at 200 \ 
maunification. 
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Figure 8 Diffusion length image of 
epitaxial 411 SiC at 2000 x 
magnification. 
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Elecfron Beam Induced Current Investigations of Bulk 4H Silicon Carbide 

EBIC was used to quantify the diffusion length variations in bulk 4H SiC. This 

technique is ideally suited for examining bulk material, due to it's spatial sensitivity and near 

surface sensitivity. The technique is especially sensitive to degradation in electrical quality due 

to surface polish damage. This implies that diffusion lengths determined by EBIC will 

accurately reflect such effects as surface recombination at such surfaces. This is important for 

device modeling, so that these effects, present in actual devices, are not overlooked. 

The results of some of the EBIC measurements on 4H epitaxial silicon carbide are 

summarized in figures 9-20. Figures 9 and 10 are EBIC and diffusion length images at 2520 x 

magnification, while figures 11 and 12 are EBIC and diffusion length maps at 252 x 

magnification. Note in all images the scratches from polish damage resulting in different 

quality. This non-uniformity highlights one of the EBIC technique's advantages. Specifically, 

it's spatial resolution is excellent. Note that the diffusion length maps indicate an average 

diffusion length of 0.05 to 0.06 microns, with significant variation in the higher magnification 

image. EBIC is one of the only techniques capable of measuring such short diffusion lengths. 

Note also, the variation is scratch size of the individual scratch lines. This indicates that EBIC 

should be able to quantify the effectiveness of the polishing process at each successive polishing 

step. For example, when stepping down from a larger grit to a smaller grit, the size of the 

scratches could be monitored to determine the optimal polish time for which the larger scratches 

from the previous polish step have been adequately removed. Since EBIC is a subsurface 

technique, it is unaffected by the filling in of deep scratches by SiC amorphous polish residue. 

This process leads to a very good atomic force microscopy roughness, but results in poor crystal 
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quality for subsequent epitaxy. Upon growth of the epitaxial layers, the underlying scratch 

damage of the substrate is propagated into the epitaxial layer (see the figures 5-8 in the previous 

section for examples of the remaining scratch damage in the epitaxial layer). 

Another 4H bulk silicon carbide sample showed even poorer quality (see figures 13 

&14). This sample indicates lower EBIC response with significant variation across the region 

examined. The current response on this sample is to low to accurately compute a diffusion 

length map as indicated by a constant "0" background in figure 14.   The SEM image in figure 

15 shows a relatively smooth surface with only a couple of micropipes observed. 

One of the micropipes seen in figure 15 (upper left corner) is imaged at higher 

magnification (2620 X) in figures 16-18. Here we see a halo of higher current response (see 

figure 16) around the micropipe. This may be the result of a strain field, denuded zone or a local 

depleted region due to charge present at the micropipe.  Figure 17 indicates that diffusion length 

variations on the order of 400% occur locally around the micropipe. Figure 18 indicates that the 

core of the micropipe contains a particle of unknown composition. 

To examine the stability of the defects limiting the diffusion length, we focused the 

electron beam on the surface of an epitaxially grown 4H SiC layer for ~1 minute.  Figure 19 

shows two regions of higher current response resulting from this focused energy. Figure 20 

shows a third region created by the same process. This indicates that the limiting defect in SiC 

may be a complex that can be disassociated by electron beam annealing.  Since the contact was 

already annealed, we do not believe this to be a contact annealing phenomena. 

In this project, we have shown that EBIC can successfully distinguish between good and 

bad material and provide information on the structure of device limiting defects. EBIC is 

particularly helpful in quantifying polish damage.  Electron beam annealing also improves the 
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observed current response, presumably due to the disassociation of weakly bound impurities. 
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Figure 9 EBIC image of bulk 4H SiC at 
high magnification (2520 X). 

Figure 10 Diffusion length image of 
bulk 4H SiC at high magnification 
(2520 X). 
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Figure 11 KBIC image of bulk 411 SiC" 
at low maunification (252 X). 
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Figure 12 Diffusion Length image of 
bulk 411 SiC at Uns magnification (252 
X). 
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Figure 13 EBIC image of "bad" bulk 
4H SiC sample at low magnification 
(252 X). 

Figure 14 Diffusion length image of 
"bad" bulk 4H SiC sample at low 
magnification (252 X). 

Figure 15 SEM image of region 
imaged in figures 5 and 6. Note 
relatively smooth surface. 
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Figure 16 EBIC image of micropipe. 
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Figure 17 Diffusion length image of 
micropipe. 

Figure 18 Sf/'M image of micropipe 
imaued in fi mires 8 and 9. 
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Figure 19 EBIC Image of Epitaxial 4H 
SiC at I 700X magnification before 
electron beam anneal. 

Figure 20 EBIC Image of Epitaxial 4H 
SiC at 1700X magnification after 
electron beam anneal. 
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low Q will provide adequate coupling and broader range of conductance. Thus, twelve different 

circuits were tested and finally a circuit of adequate quality factor was implemented. 

The second issue to be overcome is the need for conductance verses voltage calibrations. 

These calibrations are critical to overcome non-linear effects in the circuit, especially those 

spanning many decades of conductance. Additionally, this calibration allows lifetime to be 

related to injection level. This provides feedback for device modeling where it is important to 

know what your lifetime is at a particular injection level. To achieve this voltage verses 

conductance calibration, the system in figure 23 was built. In this system, a high resistivity, 

thin, oxidized wafer was loaded onto the sample coil. A calibrated solar cell was used to 

determine light intensity of a variable DC light source. By scanning the DC light intensity and 

recording the PCD voltage and short circuit current of the solar cell, the conductance verses 

voltage curve was determined to withing a linear factor. This linear factor accounts for 

differences in light impinging on the solar cell verses the PCD sample. By placing doped wafers 

of known conductivity on the PCD coli and recording the output voltage, this geometry factor 

was easily determined. Thus, the conductance verses voltage curve was determined for a vast 

and continuous range of conductances. All voltage signals can then be converted to conductance 

signals by simple point by point interpolation. The conductance verses voltage calibration curve 

is shown in figure 24. The possible differences in conductivity verses voltage transients are 

shown in figure 25. 

We have measured PCD minority carrier lifetimes and have found many interesting 

details. These details will be outlined in a future report.  However, figures 26 and 27 show the 

voltage verses time , conductance verses time and lifetime verses injection level plot of one 4H 

SiC wafer. This will be discussed in more detail in the following section. 
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Figure 21 Schematic representation of the PCD circuit operating at Georgia Tech for SiC. 
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RF PCD System Design Constraints 

High enough MQ" to ensure resonance and 
provide adequate sensitivity 
Low enough "()" to couple power into sample and 
to allow decades of d\ mimic raiiüe. 
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Figure 22 Differences in the coupling efficiency of high and low quality factor circuits. 
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Importance of PCD Calibration 

• Correct for Circuit Non-linearities 
- SiC Dynamic range: > 100,000 O/0 to - 1 Q/0 

• Provide Lifetime verses Injection Level Capability 
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Figure 23 Calibration configuration for voltage to conductance conversion. 
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Having developed the high frequency photoconductive decay system (PCD) and 

developed a calibration allowing conversion from a voltage transient to minority carrier lifetime 

verses injection level, we focused our efforts on examining the effects of injection level and 

doping on lifetime in SiC. 

Before examining some experimental data, it is wise to summarize the effects of lifetime 

verses injection level for various types of defects present. Specifically, figure 28 shows a plot of 

minority carrier lifetime verses injection level for SiC. One sees that until the Auger limit, 

material with shallow traps present show a variation in lifetime with injection level, where as 

material with deep traps have lifetimes that are constant with injection level. This type of 

behavior, whether or not the lifetime has an injection level dependance, can be used to infer the 

deep level that controls the minority carrier lifetime. 

The effect of doping can be seen in figure 29. As depicted in the upper part of figure 29, 

for a heavily doped material, the fermi level is positioned so that defects below it are filled with 

majority carriers (electrons in this example). As light is shown on the sample, the "traps" are 

depopulated, and are detected by the PCD system as a change in conductance. Note that in this 

case, there has been no minority carrier generation, so no minority carrier recombination can 

occur. However, a conductance decay can occur due to the "retrapping" of majority carriers. 

The time constant associated with this photoconductive decay is related entirely to the capture 

characteristics of the trap. Our DLTS measurements (see figure 30) have indicated the presence 

of deep states in high concentration, capable of fast, majority carrier capture. 

On the other hand, for a low doped material (see lower part of figure 29), the fermi level 

is positioned such that majority carriers are not trapped by deep states.  In this case, their is no 

depopulation of deep states by the light pulse and thus, no conductance transient.  We will see 
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shortly, that this doping dependance is observed in bulk SiC wafers. 

Figures 31-40 are pairs of plots of PCD voltage transients, minority carrier lifetime 

verses time (even numbered figures), and minority carrier lifetime verses injected carrier 

concentration (odd numbered figures) for various sheet resistance material. Sample J87-10 

(figures 31 and 32) was very high resistivity and showed a very low lifetime (-10 nS) with no 

injection level dependance. This was explained above in terms of the fermi level position 

relative to the deep states. In this doping range, the deep states act as recombination centers in 

this sample. 

Figures 33 and 34 represent the results from measurements on sample B73-10, a slightly 

higher doped sample. In this case, there is a slight injection level dependance in the range of 

2el2 to 2el3 cm'3. Consistent with the proposed theory, not only is there an injection level 

dependance (due to the presence of shallow traps) but the minority carrier lifetime is larger, -40 

to 100 nS. 

Figures 35 and 36 represent a still higher doped sample, J54-15. This sample shows still 

more injection level dependance, ranging from 10 uS at 2el 1 to -300 nS at 1.5el2 cm'3. Note 

that the injection level dependance of the heavier doped sample is stronger than either lighter 

doped sample, and the magnitude of the lifetime is higher as well. 

Clearly this trend in lifetime verses injection level and magnitude of lifetime favors our 

theory of the fermi level covering up deep states as the doping is increased. This leaves higher 

lifetimes and a stronger injection level dependance for the heavier doped samples. 

Finally, figures 37-40 show some aspects of anomalus behavior in these measurements 

due to slow retrapping of detrapped majority carriers. This sample, R21-12, shows a strong 

injection level dependance, that increases with injected carrier concentration from lelO to lei2 
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then strongly decreases from lei 3 to 4el3. The magnitude of the time constants is on the order 

of 10 mS. Since this high of a lifetime is comparable to very high quality, high resistivity 

silicon, this can not be a "minority" carrier lifetime.  It clearly results from the slow recapture of 

majority carriers into deep states. Assuming the concentration of the defect is on the order of the 

injection level where a strong decrease in lifetime is observed, ~lel3 cm'3, the capture cross 

section would have to be on the order of 1 e-18 cm2. These trap parameters are extremely 

reasonable and probably describe very well this particular sample. 

We have successfully constructed and measured PCD minority carrier lifetimes in bulk 

SiC. We have identified injection level and doping dependancies that infer a competition 

between deep and shallow defects. Short lifetimes with little injection level dependance was 

observed for high resistivity samples, where as long lifetimes with strong injection level 

dependancies was observed for heavier doped samples. Future work will attempt to relate DLTS 

measurements, EBIC and PCD to further identify the mechanisms of recombination. 
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Effect of Defects on Minority Carrier Lifetime 
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}IU 



Role of Doping in Controlling Photoconductive 
Decay 
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Figure 29 Schematic representation of fermi level verses doping and trap position. 
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DLTS Spectra of Sample J40-9: 4H-SiC 
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Figure 30 Deep defect detected in bulk SiC via DLTS. 
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ABSTRACT 

Recent experiments on deformation of semiconductors show an abrupt change in the variation 

of the critical resolved shear stress, rY, with temperature, 7. This implies a change in the 
deformation mechanism at a critical temperature 7 . In the cases examined so far in our 
laboratory and elsewhere, this critical temperature appears to coincide approximately with the 
brittle-ductile transition temperature, TBDT. In this paper, the deformation experiments performed 
on the wide bandgap semiconductor, 4H-SiC. over a range of temperatures and strain rates are 
described together with the characterization of induced dislocations below and above 7 by 
transmission electron microscopy. Based on these results, and those of Suzuki and coworkers 
on other compound semiconductors, some understanding of the different mechanisms operating 
at low and high temperatures in tetrahedrally coordinated materials has been gained, and a new 
model for their brittle-ductile transition has been proposed. 

INTRODUCTION 

Recently, it has been possible to perform deformation experiments on a few (six) different 
compound semiconductors extending the deformation temperature to regions in which they are 
brittle. Specifically, Suzuki and coworkers have deformed InP, InSb, GaAs, and GaP using 
compression tests under hydrostatic pressure in order to prevent fracture of the deformation 
samples before they plastically yield [1-4]. Some low-temperature tests on GaAs under roughly 
the same conditions were actually performed some years ago by Rabier and coworkers [5,6]. In 
our deformation tests, Samant [7] investigated the plastic behavior of two wide bandgap 
semiconductors, 4H-SiC and 6H-SiC, by compression over a wide range of temperatures and 
strain rates. It should be mentioned that because single crystals of these two semiconductors 
were not available until recently, prior to the work of Samant, there were only a few reports of 
deformation tests on single crystal 6H-SiC and practically none on 4H-SiC. Some significant 
works that existed were reports by Fujita et al. [8] on compression experiments on Acheson- 
grown crystals over the temperature range 1300-1600°C, and creep tests on Cree-grown 6H-SiC 
by Corman [9]. In Samant's experiments, the rather high initial density of dislocations in the 
samples (-lO^-lO4 cm'2), careful alignment of the sample in the deformation jig, together with the 
use of very low strain rates, made it possible to deform the materials at temperatures hundreds of 
degrees below their usual range of BDT. The results of these experiments have been reported in 
Refs. [7,10,11]. More recently, Demenet repeated Samant's experiments on 4H-SiC (grown at 
Cree Research, Inc.) obtaining much more data in the temperature range 900-1360°C [12]. 

EXPERIMENTAL PROCEDURES 
The details of the experimental procedure for deforming the SiC crystals are given elsewhere 

(see Ref. [7]). Briefly, a single crystal ingot of 4H-SiC grown at the Cree Research, Inc. was 
oriented for single glide using X-ray diffraction. From the ingot, 2.2x2.2x4.7 mm samples were 
cut and carefully polished on all faces. The compression tests were made over the temperature 
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^5 range 900-1360°C at a strain rate of 3.6xlO"J s'. Following the mechanical tests, thin foils parallel 
to the (0001) slip plane were prepared from the samples deformed at temperatures above and below 
the transition temperature Tc=l 100°C. In addition to strain contrast experiments to characterize the 
Burgers vector of the dislocations, the large-angle convergent-beam electron diffraction (LACBED) 
technique was used to identify the nature of dislocation cores [13]. 

RESULTS 
Some of Demenet's results are shown in Fig. 1 in the form of a plot of ln(xY) vs. 1/7. 
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Fig. 1. Plot of ln(xY) vs. 1/7 for 4H-SiC deformed at a strain rate of 3.6x10" s . 

As in previous experiments of Samant [7,10,11] on 4H- and 6H-SiC, there is a sharp transition 
at Tc~\ 100°C. It should be noted that while macroscopic plastic deformation of both 4H- and 
6H-SiC polytypes is relatively easy at r>1100°C, it becomes very limited at 7<1100oC and, 
when the samples have not failed catastrophically, deformation is very often accompanied by 
appearance of extensive microcracking. These observations indicate that the BDT temperature of 
both polytypes is ~1100°C, consistent with experiments of Maeda and coworkers who concluded 
that the BDT temperature of 6H-SiC is above 800-1000°C [8,14]. Following the compression 
experiments [12], TEM of the deformed samples revealed that a very low density of dislocations 
was generated by deformation atT< Tc and these were predominantly single leading partials all 
with the same Burgers vector b,= l/3[lToo]. An example is shown in Figs. 2(a-c). The cores of 

five single partial dislocations produced by deformation at temperatures below Tc showed them to 
be silicon in every case. On the other hand, the samples deformed at T> Tc contained a high 
density of total dislocations all dissociated, i.e. they were in the form of leading/trailing pairs 
bounding a ribbon of stacking fault. The dislocations were predominantly screw type with a 
Burgers vector of b= i/3[21 lo]; an example of these dislocations is shown in Fig. 2(d). 
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DISCUSSION 

Similar to Fig. 1, plots of the critical yield stress versus temperature for all the six 
compound semiconductors mentioned previously show an abrupt transition at a critical 
temperature Tc [2,4,10]. It is possible that this transition exists in all the tetrahedrally 
coordinated materials and signifies a change of the deformation mode in the material.    Also. 
intriguingly, in every case the transition temperature in the x^{T) plot appears to coincide 
approximately with the brittle-to-ductile transition temperature, TBDT, of that material, taking due 
account of the strain rate. In the following, we present a model to describe this transition in the 
yield stress and try to relate it to the BDT [15]. 

Fig. 2. (a) BF micrograph of dislocations in 4H-SiC deformed at 900°C showing single 
leading partial dislocations; (b) same region as (a) showing overlapping stacking faults; (c) a 
LACBED pattern of a single leading partial in (a), (d) BF micrograph of dislocations in 4H- 
SiC deformed at 1300°C showing dissociated (leading/trailing) total dislocations. 

Dislocations in tetrahedrally-coordinated materials glide on the {111} slip plane in cubic 
crystals and (0001) slip plane in hexagonal materials and have Burgers vectors, b= 1/2^1 To) in 

the former and b= 1/3^1120) in the latter.  Because of the high Peierls potential in such crystals, 

the dislocations lie in the Peierls valleys that are parallel to (llo) in cubic crystals and (l 120) in 
hexagonal crystals. As a result an ideal dislocation loop has a hexagonal shape with the segments 
parallel to the Peierls valleys, i.e. all the segments are 60° or screw dislocations.   In all the 
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tetrahedrally coordinated materials that have been studied to date, the dislocations are dissociated 
according to the following reactions: 

I(iTo)->I(i5i) + l(2Ti) 

i(27To)-*I(iToo) + i(ioTo) 
i.e. the partials are either 90° or 30° dislocations. The separation of the partials is of course 
determined by the stacking fault energy, y, of the material. The latter ranges from -2.5 mJ/nf in 
SiC to -280 mJ/tn in diamond [16-18]. In addition, in the case of compound semiconductors, 
the core of all the dislocations (dissociated or non-dissociated) consists of only one atom species. 
Thus, an idealized dissociated dislocation loop, of say hexagonal SiC, will have the configuration 
shown in Fig. 3; depending on expansion or contraction, the inner and outer loops correspond to 
the leading and trailing partials, respectively. Notice that a 60° dislocation dissociates into a 90° 
and a 30° partial where both of the partials have the same core (either both Si(g) or both C(g)). 
On the other hand, a screw dislocation dissociates into two 30° partials that have different core 
structures (e.g. one is Si(g) while the other is C(g)). Also note that half the segments in both the 
inner and outer loops have a silicon core while the segments in the other half have a carbon core. 
We shall later argue that the core nature of the different partials in such dislocation loops plays a 
significant role in the mode of deformation that occurs in tetrahedrally-coordinated materials. 

As can be seen in Figs. 2, our TEM results show that the microstructure of the SiC samples 
that were deformed below Tc consisted predominantly of only Si(g) leading partials while the 
microstructure of samples deformed above Tc consisted predominantly of dissociated screw 
dislocations (leading/trailing pairs). Let us now consider the production of dislocations during 
deformation of such a tetrahedrally-coordinated crystal. In general, the easiest way to produce 
dislocations in a crystal that contains appropriate sources is by the Frank-Read mechanism. 
However, if, as argued in this paper, only partial Frank-Read sources are activated (by the 
operation of the leading partial dislocations only) at low temperatures, then such a source will not 
be a multiplication site for dislocations but can operate only once. Subsequently, nucleation of 
dislocations will occur in the bulk or from the sample surfaces. 

bi=4 [1100] 3 

Jt= 3 
'si(g)      b, = 4[1010] 

C(g) 

Fig. 3. A dissociated hexagonal loop on the (0001) slip plane in SiC. 

In the energetics of dislocation nucleation, thermal activation is often thought to play a 
negligible role.  The reason for this is thought to be that the available thermal energy, kT, at a 
temperature T is too small compared to the large energy barrier, A//„, required for dislocation 
nucleation.   In terms of the reaction rate theory, thermally activated processes are statistical 

f2(, 



phenomena whereby atoms that vibrate with a frequency vo (-1011 s'1) have a Boltzmann 

probability exp(-AHn/kT) of overcoming the energy barrier. Accordingly, the frequency, v, with 
which such an activation will occur is given by v = v0 exp(-AHn /kT), i.e. the mean time, t, during 
which a successful activation occurs is t = \/v = {\/v0)exp(AHn/kT). For dislocation nucleation. 

the energy barrier, AHn, is thought to be so large (> 100*7) that the time t for a successful 

operation becomes unreasonably large (e.g., r=2.7xl0Ms for an activation enthalpy of 100*7). 

However, when a shear stress, T, is applied to the crystal, the energy barrier to overcome 

decreases by an amount axV*, where V' is the activation volume [=-(3///3x)7.] and at is the 

stress concentration at a heterogeneity (e.g. scratch at the surface), to become ~\^AHn-axV ']. 

Thus, the probability of overcoming it becomes exp -(A//„ -oaV*j/AT and the frequency of 

successful dislocation nucleation events will be: 

v = v0 exp -\AHn-aiV  )/kT ■ •(I) 

Based on the experimental results, we shall assume that, in the above equation, the leading and 
trailing partials have different activation enthalpies for dislocation nucleation, AH1,, and A/V,',, 
respectively, and A///, < AHl

n. In addition, the resolved shear stress on the leading and trailing 
partial dislocations will be different in Eq. (1) because they have different Burgers vectors. 

Since our experiments were performed on hexagonal SiC, we shall use this material as an 
example, but the arguments are essentially general and can be applied to other semiconductors. 
Fig. 4(a) shows schematically the orientation of the parallelepiped sample used in our 
compression experiments. The sample is oriented for single glide, i.e. an orientation in which 
the (0001)(2110) system is primarily activated. The dislocations most probably nucleate 
heterogeneously as half-loops from the crystal surface; an example of one (denoted as A) on a 
particular (0001) slip plane is shown in Fig. 4(a). For comparison, the nucleation of a 
dislocation (full-)loop (denoted as A') on the same (0001) slip plane within the sample is also 
shown. In fact, nucleation of four types of loops on a (0001) slip plane may be envisaged as 
illustrated in Fig. 4(b). In cases A and A', only the leading partial has nucleated while in cases B 
and B\ nucleation of the leading partial has been followed by that of the trailing partial. 

2110> 

<0lf0> (a) 

(0001) plane 

(b) 
j 

-►<2110> 

<0110> 

Fig. 4. (a) The geometry of a deformation sample oriented for single glide; (b) four possible 
ways of dislocation nucleation on the slip plane. 
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The formation of a dislocation loop presumably takes place by, first, the nucleation of the 
leading partial followed by the nucleation of the trailing partial. Assuming that intrinsic faults are 
favored over extrinsic ones, then the order of nucleation of the two partials can be determined 
from the Thomson tetrahedron [19]. It is important to note that once the leading partial forms, it 
creates a stacking fault behind it that changes the state of the lattice for nucleation of the trailing 
partial. The stacking fault of course adds an extra stress term, y/b, to the external applied stress 
that should make it simpler for the trailing partial to nucleate. As we said, it will be assumed that 
AH/, and AH'n are different and that AHl

n<AH'n.   In fact, as shown in Ref. [20], there is some 
independent evidence for this hypothesis.   There is, however, even more evidence for a related 
property of the leading and trailing partials in tetrahedrally coordinated crystals: the difference in 
their mobilities (for the case of Si and Ge, see, e.g., [21,22]).   It appears that this difference 
increases as the temperature decreases.    Of particular importance is the mobility difference 
between the two 30° partials of a dissociated screw dislocation where it is found that, even in 
elemental semiconductors, Si and Ge, the leading 30° partial has a higher mobility than the 
trailing 30° partial. This implies that the activation enthalpies for glide of partial dislocations. 
AH(, and AH'g, are also different and that AHl

g < AH'g. The reasons for the differences in mobility 
and nucleation of the two partials are not really clear, but they probably have a similar origin. 
One obvious difference is the presence of a stacking fault after the formation of the leading partial 
that provides a different local environment for nucleation of the trailing partial.   However, it is 
unlikely that the nucleation of a dislocation in a faulted region of the crystal will be significantly 
different from nucleation in a perfect crystal.  Moreover, as was mentioned before, the presence 
of a stacking fault provides an extra stress term that should actually help the nucleation of the 
trailing partial.  Another possibility is that the formation (and glide) of the leading partial may 
result in the creation of point defects in its wake (i.e. in the faulted region) which would have a 
much more significant effect on the local environment in which the trailing partial is nucleated. 
These point defects need not of course be extrinsic but can be intrinsic ones such as jogs or anti- 
phase defects (APDs) [23,24].  It should be mentioned that the interaction of point defects with 
dislocations and its effect on dislocation mobility goes back to the early works of Celli et al. [25] 
or Rybin and Orlov [26] on materials with a high Peierls barrier.   Also, in the late seventies and 
eighties, the Soviet scientists performed many experiments on Si and Ge showing that the region 
of a crystal swept by a moving dislocation is significantly different from a virgin material, thus 
affecting the motion of subsequent dislocations (see, e.g.,  [27]).    Some important evidence 
comes from Kisielowski's electron spin resonance (ESR) experiments that  revealed   the 
generation of point defects by screw dislocations in silicon [28]. In fact, in his classic review of 
dislocations   in   semiconductors,    Alexander   emphasizes   that   a   consideration   of   the 
dislocation/point defect interactions is essential to an understanding of the physics of dislocations 
in these materials [29]. It is also important to realize that the point defects usually annihilate (or 
anneal out) at higher temperatures and their interaction with dislocations becomes less effective. 

Sample Surface Sample Surface 

Fig. 5. Nucleation and expansion of a leading partial dislocation half-loop from the surface 
of the crystal at T<TC. 
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In the case of compound semiconductors, where the atomistic core of the leading and 
trailing partials may be different, the core nature is another factor that must be taken into account 
in considering dislocation nucleation. Thus, in the case of SiC, the partial with the silicon core 
may have a smaller activation energy than the partial with the carbon core. As was mentioned 
before, half of a partial loop (with any Burgers vector) has a silicon core while the other half has 
a carbon core (Fig. 3). We suggest that, in the case of SiC, the Si(g) half loop of the leading 
partial (whose Burgers vector is determined from the Thomson tetrahedron) is preferentially 
nucleated as compared to a completely C(g) or a mixed Si(g)/C(g) half-loop (see Fig. 5(a)). 
Assuming that at T<TC, only the leading Si(g) partial (Burgers vector b,) is nucleated, then the 
sequence of events is illustrated in Fig. 5. After its nucleation from the sample surface (Fig. 
5(a)), the half-loop expands and, because of the different mobilities of the segments, the semi- 
hexagonal shape of the half-loop is distorted. Assuming that the 90° Si(g) partial has a higher 
mobility than the two adjoining 30° partials, the configuration of the half loop at a later stage 
becomes something like that shown in Fig. 5(b). In Fig. 5(c), the 90° partial has moved out of 
the specimen and the lower 30° segment - that has been assumed to be more mobile than the 
upper 30° segment - is in the process of moving out. The final outcome will be a preponderance 
of 30° Si(g) dislocations left on different (and parallel) (0001) planes. Note that only a few 
partials can exist on each particular (0001) plane (Fig. 4(a)) because each partial drags a stacking 
fault behind it and the initial source (AD in Fig. 5(a)) is de-activated as a dislocation source. 

Now consider the nucleation of a full half-loop from the sample surface (B in Fig. 4(b)) at 
T>TC. The atomistic detail of the half-loop B in Fig. 4(b) is shown in Fig. 6 where the core of all 
the half-loop segments are shown reconstructed. 

Sample Surface 

Fig. 6. Schematic illustration of the atomistic detail of a dissociated (leading/trailing) 
dislocation half-loop nucleated from the surface of the crystal at T>TC. 

The expansion of the perfect dislocation half-loop on the (0001) slip plane is shown in Fig. 7. 
Here, a dissociated dislocation half loop, ABCD, nucleates from the surface (7(a)) and expands 
(7(b)) until the mobile segments run out of the sample (Fig. 7(c)) leaving only the slow 
dissociated screw dislocation on the (0001) slip planes. In this figure, additional assumptions 
have been made that mobility of the upper 90°Si(g)/30°Si(g) segment is higher than that of the 
lower 30°Si(g)/90°Si(g) segment which in turn is higher than the topmost 30°Si(g)/30°C(g) screw 
segment. The final configuration will be a preponderance of 30°Si(g)/30°C(g) screw dislocations 
parallel to the [2110] direction in the deformed crystal. Clearly, a better knowledge of the partial 
mobilities is essential to draw clearer conclusions. 
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The next problem to consider is the possible relation between the transition in the xY(7) plot 
and the BDT temperature. When a load is applied to a crystal, it is initially deformed elastically 
whereby elastic energy is stored in the crystal. This stored elastic energy is released if the load is 
taken off to let the crystal relax. If, however, loading is continued, at a rate i, and the stored 
energy continuously increases, there are two main competing ways for the crystal to relax and 
decrease its overall energy. One way is by brittle fracture of the crystal whereby the energy is 
consumed in creating two new surfaces as a crack forms and propagates. 
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Fig. 7. Nucleation and expansion of a dissociated (leading/trailing) dislocation half-loop 
from the surface of the crystal at T>TC. 

The second way for the release of the stored elastic energy is to move pre-existing dislocations or 
nucleate and move fresh (as well as pre-existing) dislocations. The occurrence of brittle fracture 
versus plastic yielding of a crystal is determined by a competition between these two ways of 
releasing the stored elastic energy. In the case of crack propagation, the Griffith criterion can be 
written in the form: 

H2)*, 2 
eff ^2ys ...(2) 

where v is the Poisson's ratio, E is the elastic modulus, ys is the surface energy and Keff is the 
effective stress intensity factor given by [30]: 

with: 

Keff ~ Kapp - Kd 
Kapp = JxaVapp 

..(3) 

••(4) 

a,w being the applied tensile stress and a the crack half-length. Kd in Eq. (3) is shielding of the 
crack tip introduced by the compressive stress of the dislocations around it and results in a 
reduction of the applied tensile stress on the crack tip. 

In the above conventional picture, brittleness versus ductility of a loaded crystal is 
considered as a competition between shearing of the crystal by dislocation motion and rupture of 
the bonds at the tip of a microcrack within the crystal. The general view is that the stress needed 
for plastic yielding (i.e., the yield stress Ty) is strongly temperature dependent and decreases 

rapidly with increasing temperature while the (tensile) stress required for fracturing the bonds, aF 

(and the corresponding shear stress rF), has a much weaker temperature dependence. As a result, 

tJT) and TJT) intersect at a critical temperature TBDT, usually known as the brittle-to-ductile 

transition (BDT) temperature where xF <xY at T< TBDT (the brittle regime) and TY <TF at T> TBDT 

(the ductile regime). In the model described in this paper (as illustrated in Fig. 8) the BDT, at 
least in tetrahedrally-coordinated materials, is determined by a competition between nucleation 
and propagation of leading partial dislocations versus the nucleation and propagation of perfect 
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(total) dislocations (i.e. that of the trailing partial). As shown by Eq. (1), such a nucleation and 
propagation of dislocations (partial or perfect) is temperature and stress dependent. Thus, the 
rupture of atomic bonds enters the picture only indirectly. It is argued that, in a constant strain 
rate experiment, if the temperature and stress are not sufficient to nucleate the trailing partial (and 
thus the perfect) dislocations, then the increasing stress will eventually reach a sufficient value 
(GF) to rupture the bonds at the crack tip leading to its propagation. In such a regime, leading 
partial dislocations may well nucleate at the crack tip (as well as in other favorable sites), but if, at 
any particular site, the leading partial is not followed by nucleation of the trailing partial, then the 
source will shut off and stop operating. The consequence is that dislocation nucleation will soon 
stop and plastic deformation is limited to the strain produced by the few partial dislocations 
generated before the sources stopped operating. Meanwhile, the work done on the crystal by the 
external load continues to increase the elastic strain energy in the crystal until the critical strain 
energy release rate is reached and the crystal gives in and fractures.   In this way, the details of 
bond rupture at the crack tip or temperature dependence of GF (or rF) are irrelevant to the problem 
of brittle-to-ductile transition. 

Fig. 8. Schematic illustration of dislocation nucleation at a crack tip under mode I loading: 
(a) at T<TC, (b) at T>TC. 

What is of primary importance is the temperature dependence of x„ and x'n, where t(, and T', are 
the minimum shear stresses required to nucleate the leading and the trailing (i.e., the total) 
dislocation, respectively. The BDT temperature is given by the intersection of x'n{T) and x'„{T) 

plots.   Now, when an increasing K (related to the shear stress, T, by K = $~]x, where ß is a 
geometrical factor) is applied at a rate of K, the question to be asked is whether a successful 
(dislocation) nucleation event will occur during the time period in which K increases from its 
initial value Kg to the stress intensity factor KIc at which the crystal fails (see, Fig. 9). Note that 
as K (i.e., T) increases, the effective activation enthalpy for dislocation nucleation decreases. 
Thus, the BDT is determined by a competition between the first occurrence of two events: either 
(1) K reaches Kk first and catastrophic failure occurs, or (2) (bH'n -aßtfV*) decreases sufficiently 

to result in the nucleation of the (trailing partial) dislocation (at a stress intensity factor K=KY). 
The time taken for K to reach Klc is (KIc - K0)/k (Fig. 9). Thus, the condition for BDT is that: 

tA^ic-Ko) 
K 
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At TBDT, the stress intensity factor reaches the value K=KY to nucleate dislocations and thus 
i = {KY-K0)/K giving: 

f . ..i ..*\ 

i.e. 

AH'n-axYV  ){KY-K0) 

kTßDT      ) K 
{   AH'n - &KY ^ 

kTBDT 

1 — exp 

k = v0{KY-K0)exp ...(5) 

where 5=aßV* is a constant. Thus, a plot of ln(k} versus \ITBDT should be a straight line with a 

slope [&H'n-hKYyk , and an intercept ln[v0(KY-K0j\. Since experiments show that a plot of 

//i(/f) versus \ITBDT has a slope equal to that of (total) dislocation glide (see, e.g., [31]), then Eq. 

(5) would imply that the activation enthalpy for trailing partial nucleation, bH$ = (A///, - 8A'j>), is 
approximately the same as that for dislocation glide. 

Sloped 

(KIc-K0)/K -time 

Fig. 9. Schematic plot of K versus time in a constant k experiment. 

A number of experiments have shown that when high quality (very low dislocation density) 
semiconducting crystals are deformed under hydrostatic pressure, there is a range of 
temperatures, TBDT>T>T„, over which the crystal is extremely brittle [3,4]. This is so much that 
if the crystals have not already fractured during the deformation test, then they usually shatter into 
small pieces during decompression of the sample cell. An example is GaAs that was found to be 
extremely brittle between 300 to 400 K even when the confining pressure was increased up to 
1.2 GPa; consequently, it has been very difficult to prepare thin foils and perform TEM 
experiments on the samples deformed in this range [3]. However, interestingly, below this 
range, i.e. at temperatures less than Tw it again becomes possible to deform the crystal, albeit it 
at very high stresses and under hydrostatic pressure. Thus, Suzuki et al. [3] could deform GaAs 
at 300 K under a confining pressure of 400 MPa\ TEM of samples deformed at these very low 
temperatures show a microstructure consisting of predominantly perfect screw dislocations. At 
first sight, this appears to be contrary to the argument put forward in this paper that only leading 
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partial dislocations may be nucleated at T<TBDT. However, according to Eq. (1), the effective 
activation enthalpy for dislocation nucleation, iJif = AHn-axV*, is lowered by the applied 

resolved shear stress x. Thus, it may be that at the very high stresses (over 0.5 GPa) applied at 
temperatures below T„, the effective activation energy, Mif, is sufficiently lowered to make 
nucleation of the trailing partial dislocation possible, resulting in leading/trailing pairs of partials, 
i.e. perfect dislocation half-loops. This is also supported by theoretical calculations of Brochard 
et al. [32] who have shown that the nucleation of dislocations is stress-dependent, and at a high 
enough applied stresses, both partials can nucleate from a surface source. The screw nature of 
the dislocations is probably due to the much higher velocity of non-screw segments of a half-loop 
that, under the very high stresses, rapidly move out of the crystal and leave the much slower 
screw segments in the sample (as in Fig. 7). 

CONCLUSION 
New deformation experiments on 4H-SiC confirm the existence of a transition in the 

variations of the critical yield stress with temperature at approximately 1100°C at a low strain rate 
of 3.6xl0"5 s'. This transition temperature is close to the BDT of 4H-SiC. TEM experiments 
have verified that the low density of dislocations produced in the samples deformed below T(. are 
predominantly single leading partials with a silicon core, while a high density of Si(g)/C(g) 
dissociated screw dislocations are produced in the samples deformed above Tc. A model has 
been presented that associates the transition temperature Tc with a change in the mode of 
deformation. In this model, only leading partial dislocations are nucleated at T< Tc that glide on 
the slip plane but contribute to a very limited extent to the straining of the crystal, specially since 
the sources that produced them become inoperative after they emit only one partial dislocation. 
On the other hand, at T>TC, full dislocations can be nucleated repeatedly from sources in the 
crystal and their glide produces large strains and causes macroscopic yielding of the crystal. 
Additionally, the model relates the transition temperature Tc in the yielding of the crystal to the 
temperature at which the brittle-to-ductile transition in the fracture of the crystal occurs. 
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ABSTRACT 

Cubic 3C-SiC films have been grown heteroepitaxially on rigid and compliant silicon 
substrates and the nature and density of lattice defects in them are compared. For this 
purpose, SiC has been chemically vapor deposited on bulk silicon and two different types 
of SIMOX. In one of the SIMOX samples (referred to as the "thick SIMOX"), the topmost 
silicon and Si02 layers are relatively thick (>200 nm) while in the other one (the "thin 
SIMOX"), the topmost silicon and Si02 layers are much thinner (-35 nm). The 
microstructure of the three films have been compared by X-ray diffractometry as well as by 
cross-sectional and plan-view transmission electron microscopy. The defects in all three 
films are predominantly planar in nature with a significantly lower density in the SiC 
epilayer deposited on the thin SIMOX. The defect density in the films grown on bulk 
silicon and the thick SIMOX are not significantly different. The difference in the defect 
content of the film grown on the thin SIMOX relative to the film grown on bulk silicon or 
the thick SIMOX is tentatively attributed to the difference in compliance of the different 
substrates. 
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1. INTRODUCTION 

Based on the pioneering work of Tairov and Tsvetkov [1], two monocrystalline 
poly types of SiC, 6H and 4H, are now being grown as ingots by the technique of 
sublimation growth and 2" wafers of these two polytypes are commercially available for 
the fabrication of SiC devices, as well as for substrates to grow GaN thin films. On the 
other hand, the cubic polytype, 3C, is not yet available in a bulk form and can presently be 
grown in a monocrystalline form only as a thin film deposited on a substrate. The 
successful growth of large-area monocrystalline 3C-SiC on Si was first reported by Nishino 
and coworkers [2, 3] using the technique of chemical vapor deposition (CVD). Despite the 
availability of 4H- and 6H-SiC and the lack of 3C-SiC wafers, there are numerous 
advantages in growing 3C-SiC thin films on Si, not the least of which is the potential 
integration of SiC with the silicon technology. On the other hand, because of the large 
lattice and thermal mismatch between Si (fl=0.5430 nm), and 3C-SiC (A=0.4358 nm), 
heteroepitaxial 3C-SiC films generally contain a high density of lattice defects (see, e.g., [4- 
8]). These defects can be very detrimental to SiC electronic devices, and their density must 
be minimized for optimum performance and high efficiency of the devices. A rather 
novel class of substrates for growth of semiconductors, including SiC [9], is silicon-on- 
insulator (SOI) where the SiC film is grown on the top Si layer of the SOI multilayer. The 
advantages of such systems are the potential of achieving dielectric isolation as well the 
possibility that they pave the way for monolithic integration of SiC electronic devices with 
advanced Si technology. 

In general, in CVD deposition of SiC on silicon, the SiC film forms in its cubic 3C 
polytype with a parallel epitaxial orientation relationship (OR) with respect to the silicon 
substrate, i.e.: 

(ooi)5iC//(ooi)5. 

[lToLc4lToL 

It is also well established that, because of the large lattice (-20%) and thermal (8%) 
mismatches between the Si substrate and the SiC film, the 3C-SiC epilayer is heavily 
faulted; the defects in the film are predominantly planar stacking faults and microtwins 
[4-7]. This paper deals with an attempt to grow improved quality 3C-SiC on silicon by 
depositing the film on a compliant substrate. The compliant substrate used in this study 
is in the form of SIMOX (separation by implantation of oxygen) that is a type of SOI. W e 
shall start with a brief explanation of the stresses in a film deposited on a mismatching 
substrate, the concept of critical thickness and film relaxation through the formation of 
misfit dislocations, introduce the concept of a compliant substrate and the one used in this 
study (SIMOX), and finally an X-ray and transmission electron microscopy (TEM) 
investigation of the microstructure of 3C-SiC films grown on three different types of 
substrates: (a) bulk silicon, (b) the relatively thick silicon layer of standard SIMOX (hereto 
referred to as "thick SIMOX"), and (c) the thin silicon layer of a newly-developed SIMOX 
(hereto referred to as "thin SIMOX"). As will be shown, a pronounced difference in the 
defect density of the different films is found; the SiC film deposited on the thin SIMOX 
has a much lower defect content than the SiC deposited on the thick SIMOX or on the 
bulk Si substrate. The possible reasons for the decrease in the defect density is briefly 
discussed in terms of misfit accommodation by compliant substrates. 
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1. Stresses in a Film Deposited on a Mismatching Substrate 
1.1. The Case of a Rigid Substrate 

Deposition of thin films on a substrate has been studied since the early part of this 
centurv. A fundamental insight into this work was the concept of "misfit dislocations" as 
introduced by Frank and van der Merwe [10-12] who considered the deposition of a 
monolayer on a crystalline substrate allowing for the difference in natural lattice-spacing 
between the surface layer and the substrate. This was later developed, predominantly, by 
van der Merwe (e.g., [13-16]) and by Matthews (e.g., [17-23]) for the general case of 
crystalline overgrowths and epitaxial growth of a thin film on a rigid substrate. Basically, 
according to this concept, when a film is deposited on a rigid substrate, and provided that 
the film/substrate adhesion is sufficiently strong, the film becomes coherent with the 
substrate, i.e. the lattice of the film strains to attain the same in-plane lattice constants as 
those of the substrate lattice. Under this condition, the film will be under a biaxial strain, 
tj,, and is said to be pseudomorphic with respect to the substrate. Initially, this biaxial 
strain is equal to the mismatch, /, between the in-plane interplanar spacings of the film, 
tlj/, and the substrate, d}/. Since we will be dealing with the deposition of cubic SiC (with a 
zincblende structure) on the (001) face of silicon (with a diamond cubic structure), and the 
OR is, according to Eq. (1), parallel epitaxial, we shall henceforth deal with the lattice 
parameters of the film and substrate, af and as, rather than the in-plane interplan a r 
spacings, dfy and d}/. Thus, the "lattice mismatch", or "misfit parameter", is: 

f=4-dl=af-aL (2) 

The strained film has a higher energy than its relaxed state proportional to UjA   and the 

bielastic modulus of the film, Bf. This is for a unit volume of the film and if we take a 
unit area of the film with a thickness hj, then the strain energy ££, is given by: 

*=hf*f(4f -® 
In general, for an anisotropically elastic film, the bielastic modulus depends on the 
particular surface, (hkl), on which the film is grown and is a complicated function of the 
film elastic constants, Q [24]. For an isotropic film: 

where uf and v are, respectively, the shear modulus and Poisson's ratio of the film. 
Although not strictly true, we shall assume henceforth that all the materials in the system 
under consideration (Si, SiC and SiOz) are isotropic. From equation (3), the strain energy 
of the film is linearly proportional to its thickness, hr, and thus as the film grows thicker, 
its strain energy increases. This situation of increasing strain energy because of the 
growing volume of the strained film can obviously not continue as the film thickness 
increases. In fact, at a critical film thickness, h[, it becomes energetically favorable for the 
film to relax (i.e. become unstrained) by some mechanism. Among the more important 
relaxation mechanisms are cracking of the film, and generation of non-screw dislocations 
at the film/substrate interface. In the latter case, the strain in the film is accommodated by 
an array of interfacial misfit dislocations that are usually generated at the film surface and 
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glide on their slip planes to deposit at the interface. Each misfit dislocation with a Burger 
vector b relaxes the biaxial strain by an amount bf/- where b/f is the in-plane (parallel to the 
interface) component of b - and decreases the instantaneous strain in the film to n\, 
(=/-/,//). Note, however, that a misfit dislocation has energy Ed that, like a lattice 
dislocation [25], is proportional to b2 and also to the logarithm of the film thickness. In 
fact, for a dislocation lying along the z-axis at the film/substrate interface that is normal to 
the y-axis, we have that: 

b2+b2+{l_v)b2 

47c(l-Vj 
In 

\  ro  J 
••(5) 

where bx, by, and bz are the components of the Burgers vector b along the x-, y-, and z-axis, 
respectively [19]. In the above approximate equation, the inner and outer core radii of the 
dislocation (used in evaluating the energy integral) have been taken as r0 and /;,-, 
respectively. Thus, a decrease in the total film energy by a reduction of its bielastic strain 
is compensated by an increase due to the presence of misfit dislocations. To obtain the 
critical thickness, van der Merwe [16] and also Matthews [19, 20, 22] considered a film that 
is partially relaxed, i.e. contains some misfit dislocations (see also Refs. [26] and [27]). 
Assuming that, at a certain instant (i.e., film thickness), a periodic array of misfit 
dislocations with a spacing S has been generated, then there will be n=l/S dislocations per 

unit length of the interface and the residual biaxial strain in the film will be tr" [- f~~f\- 

In this case, the total energy of the film, Etot, consists of two terms, (i) strain energy of the 

partially relaxed film, Ee=hfBf(er//s\ , and (ii) energy of the misfit dislocations, EJS.  There 

will be a critical strain, e*/, at which the total energy of the film is a minimum (obtained by 
setting dE[o[/de^ = 0) and this gives the critical thickness when z)/ equals the misfit 
parameter/. Thus, at the thickness h[, given by: 

|tj^+(i-v)*?iir,f^" 
8n(l + vy)fcx       / 

generation of the first misfit dislocation becomes energetically favorable 

In 
\ 

-(6) 

1.2. The Case of Non-Rigid (Compliant) Substrate 

The van der Merwe/Matthews treatment assumes an infinitely thick and rigid 
substrate that basically remains strain-free during film deposition. However, in general, 
the substrate is not completely rigid and deposition of the film sets up opposite biaxial 
strains in the film and the substrate. In fact, for a thin and non-rigid (compliant) 
substrate, the distribution of the elastic energy between the film and the substrate is 
comparable. Based on these concepts, Lo [28, 29] concluded that for a substrate less than 
the critical film thickness, the overall strain energy would never be large enough to create 
misfit dislocations in the film. To appreciate Lo's suggestion, consider a thin film 
deposited on a comparably thin substrate.  In this case, the total strain, em, is partitioned 
between the substrate and the epilayer as -es and ef, respectively (remembering that the 
biaxial strains in the substrate and the epilayer are in opposite directions, i.e. compressive 
(tensile) versus tensile (compressive)).   Now, in general, the rigidity of the film and the 

/3* 



substrate is proportional to their respective elastic moduli Bx and Bs, and their thicknesses, 
hf and hs. Thus, if the film and the substrate have the same elastic modulus, then the 
thinner each one is, the more strain can it accommodate. Assuming that the 
deformations in epilayer and substrate are compatible (i.e., es=em -ef), and the net force on 
them exactly balance (i.e.,  Bftfhf = -Bszshs), Freund and Nix [30], obtained the following 

equations for es and ef: 

■£— and       £/- = e,„ ,   '*, ...(7) 
■-S '"hs + hf J       "'hs+lif 

Then, the critical thickness for the generation of dislocations in the film is [30]: 

hf = v- 
bl+b*+{\-v)bl 

* ,8jt(l-v)fcr hshf 

hs+hf    1    , 
 In 

hshf 
...(8) 

This equation is symmetric in the substrate and film thickness, hs and hf, because their 
roles are now interchangeable and there is no fundamental distinction between them. 
Also the equation reduces to the bulk substrate case, Eq. (6), as hf -»0 and hs -»«,. 

The ideal compliant substrate is a "freestanding" one that is only a few monolayers 
thick. However, this is not technologically feasible and various configurations have been 
proposed for simulating a freestanding substrate. One of these is a substrate consisting of 
a thin layer of a single-crystal material (e.g., GaAs) wafer-bonded to a bulk substrate of the 
same material with a deliberate angular misorientation [31, 32]. The idea is that the thin 
substrate layer, that forms a twist boundary to the underlying bulk layer, closely 
resembles an ideal compliant substrate in its "lattice flexibility" [33]. 

The other configuration that has been employed is a semiconductor-on-insulator 
(SOI) composite [34]. The SOI composite consists of a thin single crystal of a 
semiconductor bonded to a thin insulating oxide layer, which in turn is bonded to a 
much thicker wafer. During the pseudomorphic growth of an epilayer, the thin crystal 
substrate layer will deform elastically together with the epilayer because the insulating 
oxide underneath it is a viscoelastic material that flows at growth temperatures and thus 
allows the thin crystal substrate to deform elastically [35] (Fig. 1). This is the configuration 
used in the present work. 

As mentioned before, the SOI employed is actually a SIMOX sample that is 
fabricated by implanting a high dose of oxygen into a standard silicon substrate. The 
multilayer structure of SIMOX is shown schematically in Fig. 2 and consists of two 
monocrystalline layers of silicon separated by an amorphous Si02 layer. The standard 
SIMOX sample is fabricated by a single high-dose oxygen implantation (1.5 to 1.8x10 O' 
cm'2 at 150 to 200 kV) followed by annealing at or above -1300T to re-grow the silicon 
and redistribute the oxygen [36, 37]. This process results in a SIMOX structure that has a 
silicon top layer, Si(II), of about 140 to 240 nm thick and a buried Si02 layer of about 350 to 
400 »771 thick. On the other hand, an ultrathin SIMOX structure is produced by a lower- 
dose ion implantation (1.5xl017 0+ cm'2) at 30 kV, followed by high-temperature 
annealing using a multiple implantation process [38, 39]. Low-energy SIMOX structures 
with a 35 nm silicon top layer possess excellent integrity compared to thinned 
commercial SIMOX (e.g., one with a 200 nm Si layer and 400 nm buried Si02 layer) 
because of low-dose oxygen implantation. Because of the higher compliancy of thin Si 
layers, it is expected that when an ultrathin SIMOX wafer is used as a substrate for 3C-SiC 
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epitaxy, the density of lattice defects in the SiC film would be lower as compared to that 
in SiC films deposited on standard SIMOX and/or bulk Si substrates. 

2. EXPERIMENTAL PROCEDURES 

The three types of samples investigated all consisted of SiC epilayers deposited at 
1350 °C on (001) silicon. All the depositions were done in the same CVD reactor using the 
standard technique of carbonizing the silicon substrate and growing SiC from silane and 
propane as precursor gases [40]. In the first sample, a 20 /2m epitaxial film of 3C-SiC was 
deposited on a 500 fim-ihick (001) silicon wafer. In a second sample, SiC was deposited 
on "thick SIMOX" consisting of a -200 nm Si(II) top layer lying on a -400 nm SiO: layer. 
In a third sample, a 40 \im epitaxial film of 3C-SiC was deposited on "thin SIMOX" 
consisting of a -35 nm Si(II) top layer lying on a -40 nm Si02 layer. The silicon substrate 
was cut from a commercial 4" Czochralski-grown Si wafer, the "thick SIMOX" was cut 
from a commercial 4" one produced by SOITEC, and the "thin SIMOX" was produced in 
Spire Corporation. To make the growth conditions as similar as possible, the silicon 
wafer and the "thin SIMOX" were loaded into the reactor at the same time and SiC 
deposition was carried out simultaneously for these two samples. Following growth, the 
full maximum at half-width (FMHW) of the 200 X-ray diffraction peak of the three films 
was measured by double crystal X-ray diffractometry (XRD). Subsequently, plan-view and 
cross-sectional TEM foils were prepared from the three samples by standard methods, 
including the conventional sandwich technique for cross-sectional foils with the foil 
surface normal to the [ll 0]Si direction. The multi-layer samples were ground with emery 
paper to a thickness of approximately 100 \im, dimpled to a thickness of 15 ^m, and 
subsequently ion-thinned to electron transparency. Due to the very different thinning 
rates between Si and SiC, a low angle (-6-7°) was adopted for ion-beam thinning. In 
order to compare the defect density more accurately, plan-view TEM specimens were also 
prepared using one-side thinning from the back Si(I) layer. TEM observations were 
carried out in a Philips CM20 electron microscope operated at an accelerating voltage of 
200 kV. 

3. RESULTS 

Typical X-ray rocking curves, showing the SiC 200 peak at -40.4°, for the three 
samples are shown in Fig. 3. The full-width-at-half-maximum (FWHM) of the XRD 
peaks was measured and is shown in Table I. 

The narrowest peak of 180 arcsec corresponds to the SiC film grown on the "thin 
SIMOX" substrate whereas the largest value of 234 arcsec corresponds to the film 
deposited on the "thick SIMOX". The value of FWHM for the SiC film deposited on the 
(bulk) silicon wafer is less than that for growth on the "thick SIMOX". The reason for 
this is probably due to the fact that the initial defect density in SIMOX is usually much 
higher than that in a high-quality silicon wafer. Specifically, it is known that a large 
fraction of defects in epitaxially-deposited films originate from heterogeneities on the 
substrate surface, and the surface state of the SIMOX samples is usually inferior to that of 
high-quality silicon wafers. 
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The defect distribution in a SiC film grown on bulk Si typically consists of a high 
density of planar defects lying on the four {111} planes, as shown in cross-sectional (Fig. 4) 
and plan-view (Fig. 5) micrographs. These figures are from the multilayer sample 
consisting of a 40 //m-thick SiC film deposited on the bulk silicon (001) wafer. The 
orientation relationship is parallel epitaxy as given by Eq. (1). As shown clearly in these 
figures, like all other epitaxial semiconductors, the defect density is highest close to the 
film/substrate interface but decreases rapidly in going toward the surface. In general, for 
the SiC/Si system, the rate of decrease is greatest in the first -100-200 nm from the 
interface and then slows down but continues all the way to the film surface. 

Overall cross-sectional views of SiC grown on (a) thick and (b) thin SIMOX are 
shown in figures 6. The thickness of the SiC epilayer in Fig. 6(a) is 20 urn and that in Fig. 
6(b) is 40 Jim. As mentioned before, the SiC growths on both SIMOX samples were 
carried out in the same reactor as for growth on the bulk silicon wafer (Figs. 4 and 5). The 
selected area diffraction pattern (SADP) from each region of the multilayer is inset in Fig. 
6; these and convergent beam electron diffraction (CBED) patterns (not shown) confirm 
that, as in the case of growth on bulk Si, there is a parallel epitaxial orientation 
relationship (OR) between the SiC film and the underlying Si substrate (given by Eq. (1)). 
It is also interesting that the thin Si(II) layer in the SIMOX has a parallel epitaxial OR 
with respect to the thicker Si(I) layer that is separated from it by the amorphous SiO: 

layer. This is well-known in the SIMOX literature and is thought to be due to the 
formation of Si(II) layer by a solid phase epitaxial growth (SPEG) process from the 
crystalline nuclei left in silicon that was damaged and had become disordered by oxygen 
ion-implantation. Thus, the orientation relationship in the multilayer is: 

(001)SiC//(001)Si(U)//AmorphousSiO2//(001)Sim; 
[11 0]SC//[11 0]Sim//AmorphousSiO2//[H 0]Sl(I). 

The SiC film is clearly monocrystalline but, in the case of the film grown on the thick 
SIMOX, the density of planar defects is sufficiently high to gives rise to streaks in the 
SADP of the 3C-SiC film. 

Fig. 7 shows a high-resolution transmission electron micrograph (HRTEM) of the 
sample shown in Fig. 6(b). Note the planar faults in the epilayer and also some 
interesting morphological defects in Si(II) probably caused by compressive stresses in the 
thin substrate. The interfaces between the crystalline SiC and Si(II), and also between the 
crystalline Si(II) and amorphous Si02, are sharp and appear free of contaminations. 

In figures 8-11, we look in more detail at the defect distribution in the two SiC films 
and compare them. Fig. 8 shows cross-sectional views of the SiC film grown on the thin 
SIMOX. As in the other figures, (a), (b), and (c) refer to the different regions of the film: 
(a) near the SiC/Si interface, (b) approximately halfway between the SiC/Si interface and 
the SiC surface, and (c) near the SiC surface. From these and the plan-view micrographs 
(shown in Fig. 9), the planar defect density was evaluated to be -40 jim in region (a), -10 
fim'1 in region (b), and -2.5 fim'1 in region (c). The decrease of defect density with 
distance away from the film/substrate interface is consistent with previous results on 3C- 
SiC epitaxial films on bulk silicon [4-7] and, indeed, with films of other compound 
semiconductors grown on Si substrates [41]. Also, as reported for the SiC/Si system, the 
majority of the lattice defects are planar faults with most of them being stacking faults 
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(SFs) or microtwins;  the <110> trace directions of the SFs confirms  that they lie  on 
inclined (111) planes. 

The micrographs in Fig. 8 and 9 may be compared with those in Fig. 10 and 11 that 
are from the different regions of the 3C-SiC film deposited on the "thick SIMOX". In the 
latter case, the high strain of the region close to the SiC/Si interface, resulting from the 
very high density of planar faults [Figs. 10(a) and 11(a)], makes an evaluation of the defect 
density impractical. On the other hand, in the region close to the SiC surface [Figs. 10(b) 
and 11(b)], the SF density is much lower and estimated to be -27.5 fjm  . 

4. DISCUSSION 

The most interesting result obtained in the present study is that the defect density i n 
the epitaxial 3C-SiC film deposited on the thin SIMOX is appreciably less than in the film 
deposited on the thick SIMOX (or on the bulk silicon wafer). By comparing the defect 
contents of the SiC film in Fig. 4(c), Fig. 8(c), and Fig. 10(c), it can be seen that the SF 
density in the region near the surface of 3C-SiC film is more than an order of magnitude 
smaller in the thin SIMOX than in the thick SIMOX or in bulk silicon.   Here, it should be 
noted that the thickness of the 3C-SiC film is different in the two systems: -20 juiu in the 
thick SIMOX versus 40 fim in the thin SIMOX and in bulk silicon. To obtain a more direct 
comparison, we have also estimated the SF density in approximately equivalent regions 
(equidistant, at about 20 fim, from the SiC/Si interface) in the three systems. The film SF 
density in the thin SIMOX (Fig. 9(b)) is still nearly 3 times less than that in bulk silicon 
(Fig. 5(b)) or in the thick SIMOX (Fig. 11(b)). 

A reasonable explanation for the difference in the density of planar faults in the 
three films is the higher compliance of the thin Si substrate in the thin SIMOX as 
compared to that in the thick SIMOX or in bulk silicon.   In a low stacking fault energy 
material such as SiC (}*=2.5 mj/m2), the film/substrate lattice and/or thermal mismatches 
are predominantly relaxed by nucleation of partial dislocations at the interface, and their 
subsequent glide on {111} planes that give rise to stacking faults. If the substrate is more 
compliant, then it will accommodate part of these interfacial stresses by itself and result 
in a lesser residual stress in the film [28, 29]. 

Figs. 12(a-c) are from the same TEM specimens as the ones in Figs. 4(a), 6(a), and 6(b), 
but the strain contrast has been enhanced to clearly show any defects that may have been 
generated in the silicon substrate underlying the SiC films. In the case of depositions on 
bulk Si and "thick SIMOX", the silicon substrate is effectively free of any lattice defects; 
the few dark fringes near the interface are caused by elastic strains. On the other hand, 
there is a relatively high density of lattice defects in the silicon substrate in the "thin 
SIMOX" sample (Fig. 12(c)). These lattice defects have most probably been generated by 
the mismatch stresses, thus indicating a partition of the strain between the film and the 
substrate. Since part of the film/substrate mismatch stress is accommodated by the 
production of defects in the thin substrate, the remaining stress in the film can be relaxed 
by nucleation and glide of a lower density of partial dislocations in SiC. For this 
increased compliancy of the Si substrate, it is of course essential that the underlying 
amorphous SiOz layer be able to relax. In fact, the glass transition temperature, Tgf of Si02 

is (depending on the cooling rate) about 1100 XI [42]. Since, the growth temperature used 
for depositing SiC on the thin Si top layer of SIMOX is -1350 °C, stress release by structural 
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relaxation in Si02 should be appreciable because this is above Tg and is able to partially 
relax the elastic stresses transmitted to it by the overlaying Si wafer [42]. 

One point that should be kept in mind is the large lattice-mismatched system that 
has been investigated in this work. In general, when the film/substrate misfit parameter 
is larger than -5%, the growth mode is practically always three-dimensional, the critical 
thickness is less than a monolayer, and misfit dislocations exist at the interface from the 
verv initial stages of film deposition. The end(s) of a large fraction of these misfit 
dislocations are connected to threading segments that are undesirable in a heteroepitaxial 
film. Even though these misfit dislocations, that have a nearly equilibrium spacing, 
release most of the mismatch stresses, there remains appreciable residual stresses in the 
film (aside from thermal mismatch stresses). It is believed that it is mostly these residual 
stresses that are accommodated by the thin compliant substrate resulting in smaller 
stresses to produce defects in the film. 

5. CONCLUSION 

Cubic 3C-SiC was heteroepitaxially grown on silicon by CVD on  three  different 
substrates and its microstructure compared to see the effect of substrate rigidity on the 
defect microstructure of the film.   One of the substrates was a 500 juw-thick  wafer of 
Si(001), whereas the other two were a thick SIMOX(OOl) and a thin SIMOX(OOl).    The 
latter two substrates differed by the thickness of the top silicon/silica layers on which SiC 
was deposited. X-ray diffractometry characterization of the films exhibited a smaller full- 
maximum at half width (FWHM) of the 002 peaks of SiC for the film grown on the thin 
SIMOX as compared to the films grown on bulk silicon and on thick SIMOX.   The best 
value  of 180 arcsec was obtained  for the  SiC  film   grown  on  the  "thin   SIMOX",  a 
significant improvement from 234 arcsec, the FWHM of the SiC film grown on "thick 
SIMOX".      A plan-view  and cross-sectional TEM investigation  of the different films 
confirmed the X-ray results; the defects in the SiC film, mostly of planar nature such as 
stacking faults, were appreciably lower in the film grown on the "thin SIMOX".  One may 
conclude that thin SIMOX does act as a compliant substrate for growth of heteroepitaxial 
films  and partially accommodates the  mismatch   stresses.    This   is supported by the 
occurrence of a relatively high density of lattice defects in the  silicon  substrate that 
underlies the SiC film in the "thin SIMOX" sample. We also conclude that, for growth of 
wide lattice mismatch systems such as GaN/Si or SiC/Si, the improvement  in the film 
quality is not dramatic by using a thin  compliant  silicon  substrate.    However,   it  is 
anticipated that the improvement in film quality will be much more significant when 
the film/Si lattice mismatch is small, say,/<3%. 
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pseudopotentials, the values of J, (in eV per SiC pair) were calculated by Cheng et al. 
(1988, 1990a), and later by Karch et al. (1994) (as quoted by Käckeil et al. (1988), 
and Käckeil et al. (1994). Recently, Limpijumnong and Lambrecht (1998) calculated 
the interaction energies by means of the all-electron full-potential linear muffin-tin 
orbital method. The values of J as calculated by the different authors are given in 
Table 4. 

Accordingly, from equation (3), the energies of the 4H and 6H polytypes are 
(per SiC pair) 

E22 = E0 + J2, (4a) 

and 

£33 = £0-iyl+iy2 + j3. (Ab) 

4.2. Estimates of the stacking fault energy of 4H and 6H polytypes 
The stacking fault energy per SiC layer can be written (Käckeil et al. 1998) as 

_ A£ _ ^(faulted) - ^(perfect) 
7_   A A ' (5) 

where A (- s/^^a2) is the area per atom in the (0001) plane. Gomes de Mesquita 
(1967) performed precision measurement of lattice parameters a and c for a 6H-SiC 
crystal and obtained a value of a = 0.3081 nm. This gives A = 8.221 x 10"20m2 and 
is the value that we use for both the 4H and 6H crystals. 

It should be noted that, in calculating the energy of a faulted crystal, equation (3) 
cannot be used in the form given because the equation assumes that the layer 
sequence is periodic. However, this is not true when a stacking fault exists in the 
crystal because the fault does not repeat itself periodically. Thus, we calculate A£ 
from the equation: 

A£ = n£(faulted) - n£(perfect), (6) 

where the energy of a crystal of n layers is calculated from 
n       oo 

nE = nE0-Y,J2JJa<a<+r (7) 
I=I   j=i 

In this case, the energy of a 4H crystal containing n layers is 

££rfect = nEo + nJ2, (8 a) 

Table 4.    Parameter in the ANNNI model as calculated by different groups." 

Interaction    Cheng et al.    Cheng et al.    Karch et al.    Käckeil et al.   Limpijumnong and 
parameter*       (1988) (1990a) (1994) (1994) Lambrecht (1998) 

A (meV) 4.85 ±1.20 Isl 4M Tu8 1056 
J2(meV)       -2.56 ±0.32 -3.39 -2.93 -2.45 -2.57 
J3(meV)       -0.50 ±0.23 0.25 -0.45 -0.18 -0.354 
JJ\J2\ 1.89 ±0.52 0.668 1.638 0.44 1.19 
J\l\h\ 9.7 ±4.6 9.32 10.667 <> 8.63 

V, is the short-range interaction between second-nearest neighbour bonds (in the direction 
of the bonding chain), while J2 and 73 are longer range interactions. 

IHS 
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while that of a 6H crystal containing n layers is given by: 

^rfect = "So ~ 2 J\ + T J2 + "^3- (8 *) 

Now, a 4H polytype containing a layer of intrinsic stacking fault changes 
from   ...Tx T2T[T{...   (that   is, TT11 )   (figure   2 (a))   to   ... T{T{TX T2/ 
T^T^T^TxT^Tl... (i.e., ... fm. ...) figure 2(b)). Thus, according to equation (7), 
the energy of a faulted 4H-SiC (consisting of n layers with the (n + l)/2th layer 
faulted) is 

£fa"ited = n£o + («-4)y2, 

giving 

A£4H = -4J2. (9 a) 

Thus, according to equation (4), the stacking fault energy of 4H-SiC is: 

47, 
74H = —/• (96) 

For the 6H-SiC polytype, the introduction of an intrinsic stacking fault would 
change the tetrahedral coordination from . ..T\T2T^T{T{T^... (that is, 
...TTUU ••■) (figure 1(a)) to ... 7,7^/7, r3'r2'r3 7, ... (i.e., ... TTTTli - - ■) 
(figure 1 (b)). From equation (7) the energy of a faulted 6H crystal (consisting of n 
layers with the (n + l)/2th layer faulted) would be 

£fa"itcd ="E0--Ji+-J2 + (n- 4)73, (10a) 

and 

A£6H = -473. 

Thus, the stacking fault energy of 6H-SiC is 

47, 
16H = —J-. (106) 

The calculated values of A£4H, A£6H) 74H and 76H are shown in table 5. 
Equations (9) and (10) indicate that 74H is proportional to J2, the interaction 

between fourth-nearest neighbour bonds (along the bonding chain), while 76H is 
proportional to /3, the interaction between sixth-nearest neighbour bonds (along 
the bonding chain). Since J2 is a shorter range interaction than J3, the staking 
fault energy of the 4H polytype is expected to be larger than that of the 6H polytype. 
This is consistent with the present experimental results (74H = 14.7 ± 2.5 mJm"2 

versus 76H = 2.9 ±0.6mJm~ ). Moreover, the theoretically estimated values are in 
reasonable agreement with the experimental results, differing by about 5% for 6H- 
SiC and about 40% for 4H-SiC (assuming the latest calculated values of J by 
Limpijumnong and Lambrecht (1998)). In fact, comparing values of the ratio 
74H/76H. the earlier J values of Cheng et al. (1988) give a ratio that is closer to 
the experimental value than the more recent values of J\ 

§5. CONCLUSION 
In conclusion, we have deformed bulk single crystalline samples of 6H-SiC and 

4H-SiC oriented for easy glide at about 1300°C and measured the stacking fault 

l^U 
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Table 5.    Values of stacking fault energy of 4H-SiC and 6H-SiC calculated on the basis of the 
ANNNI model." 

J2 (meV) 73 (meV) 
A£4H 
(meV) 

74H 
(mJm2) 

A£6H 
(meV) 

76H, 
(mJm2) 

Cheng et al. -2.56 -0.50 10.24 19.96 2.0 3.90 
(1988) 

Cheng el al. 
±0.32 
-3.49 

±0.23 
0.25 13.96 27.21 -1.0 -1.95 

-•N             (1990a) 
I        Karch et al. -2.93 -0.45 11.72 22.84 1.8 3.51 

1   ^ ■'        Käckell et al. -2.45 -0.18 9.8 19.1 0.72 1.40 
1                   (1994) 
I-'              1200K -3.42 -0.28 13.68 26.66 1.12 2.18 

fßechstedt et al. 
,'    (1997) 

>-L ""'          Limpijumnong 
and Lambrecht 

-2.57 -0.354 10.28 20.035 1.416 2.759 

' ' \              (1988) 

"Note that the /3 value of Cheng et al. (1990a) gives a negative stacking fault energy for 
6H-SiC. 

energy by two-beam bright-field and weak-beam techniques of TEM. The experi- 
mental stacking fault energy of 6H-SiC is determined to be 2.9 ±0.6mJm~2 while 
that of 4H-SiC is determined to be 14.7 ± 2.5mJm-2. Estimates based on the 
ANNNI model (interlayer interactions) show that the stacking fault energy of 4H- 
SiC depends on the fourth-nearest neighbours while that of 6H-SiC depends on the 
sixth-nearest-neighbour interactions. Because of this, the stacking fault energy of 
4H-SiC is expected to be much larger than that of 6H-SiC. This is consistent with 
our experimental findings, and the theoretical values are in reasonable agreement 
with them. 
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Abstract 

The critical resolved shear stress for activating the <2ll0>(0001) slip system of monocrystalline a-SiC (6H and 4H polytypes) 
has been determined as a function of test temperature and strain rate via constant-displacement compression tests. Tests were 
conducted at temperatures between 550 and 1300°C and strain rates between 3.1 x 10"5 s"1 and 6.5 x 10"4 s"'. The current study 
shows that a-SiC crystals can be plastically deformed via relatively modest resolved shear stresses on the basal plane at 
temperatures as low as 550°C. Two different methods to determine the activation parameters for dislocation glide have been 
examined. Transmission electron microscopy (TEM) was used to rationalize some of the results. © 1998 Elsevier Science Ltd. All 
rights reserved. 

Keywords: SiC; Dislocations: Compression; Shear stress; Activation parameters 

1. Introduction 

There has been significant work published in the 
area of plastic deformation of both elemental semicon- 
ductors, e.g. Si [1-9J, and compound semiconductors, 
e.g. GaAs [10-16]. However, due to lack of availability 
of high quality single-crystalline, single-polytype 
samples of wide bandgap compound semiconductors, 
e.g. SiC, until very recently, there has been less 
research on their plastic deformation (see, however 
[17-25]). 

Fujita et al. [17] and Maeda et al. [18] studied defor- 
mation of single-crystalline 6H-SiC by high tempera- 
ture identation and compression followed by 
transmission electron microscopy (TEM) investigation 
of dislocations generated. They found that the flow 
rate, y, in their experiments could be expressed in the 
form: 

yoc(Tc-T,)n"f,,-(-"m 

where ihe activation energy. U. the stress exponent, n. and the internal stress, T 

evaluated   to   be   3.4±0.7eV,   3.1 ±0.4   and   3 MPa, 
respectively [17]. In the above expression, xc is the 

critical resolved shear stress, k is the Boltzmann 
constant, and T is the absolute temperature. 

Corman [20] conducted constant-load creep tests on 
6H-SiC for orientations parallel to and at 45°C to 
[0001]. Deformation of the 45° oriented crystal was 
dominated by basal slip. The steady-state creep rate, e, 
of the crystals in this orientation in the range 
800-1200°C, and at stresses, a, from 50 to 200 MPa, 
could be described as: 

y = Aonexp(-U/kT) 

where the activation energy U, and the stress exponent 
n, were evaluated to be 2.87 + 0.25 eV and 3.32 ±0.41, 
respectively [20]. By analogy with the work of Fujita et 
al. [17], Corman [20] concluded that the controlling 
mechanism for basal slip in 6H-SiC is thermally- 
assisted activation over the Peierls barrier. 

The present paper deals with some recent experi- 
ments on two of the hexagonal polytypes of silicon 
carbide, namely 6H- and 4H-S'\C 

2. Experimental procedure 

•Corresponding author. E-mail: pirouz@cwmsd.mse.cwru.edu 

0263-4368/98/S — see front matter © 1998 Elsevier Science Ltd All rights reserveri 

The 6tf-SiC bulk single crystal was provided by Cree 
Research Inc. (Durham, North Carolina, USA) and 
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was grown along the [0001] direction by a modified 
sublimation technique. The 4H-SiC bulk single crystal 
was obtained from Northrop Grumman Corp. (Pitts- 
burgh. Pennsylvania, USA) and was grown along the 
[0001] direction by the physical vapor transport 
technique. Secondary Ion Mass Spectroscopy (SIMS) 
was used to determine the oxygen (<5xl0"'cnv' for 
6/y and < 1.5x10" cm"' for 4H) and nitrogen 
(*5x lO'^cm 3 for 6H and *1.1 xl0'"cm-- for 4H) 
contents. Photographic Emission Spectroscopy [26] 
revealed that the concentration of each of the common 
impurity elements, such as titanium, iron, aluminum, 
nickel and manganese, was below the detection limit of 
5 ppm for the 6H crystal. The 4H crystal had similar 
impurity element concentrations as the 6H crystal with 
the exception of a higher aluminum concentration of 
5:6 ppm. 

The orientations of the bulk crystals were deter- 
mined by the X-ray Laue back-reflection technique and 
the samples were cut into parallelepiped-shaped speci- 
mens (with nominal dimensions x2.0 x 2.0 x4.0 mm' 
for the 6H samples and s:1.8x 1.8x3.5 mm3 for the 
4H samples) in an orientation similar to the 45° orien- 
tation used by Corman [20], such that each sample had 
a pair of {llOO} lateral faces, with the (0001) basal 
plane inclined by 45° to the compression axis (shown 
schematically in Fig. 1). After cutting, all the faces of 
each specimen were ground using a 20 //m diamond- 
impregnated disc followed by a 9 ßm diamond polish. 
Each specimen thus had the optimal orientation for 
maximum resolved shear stress (i.e. Schmid factor, 
S = 0.5) for one of the three independent 
<2110>(0001) primary slip systems. 

The samples were tested using a 1361 Instron 
machine equipped with an electromechanical actuator, 
in a specially machined polycrystalline SiC jig. The 
machine was fitted with a furnace with MoSi2 heating 
elements. Tests were conducted at temperatures 
between 550 and 1300°C. The temperature was 
monitored with a Pt-30%Rh vs Pt-6%Rh thermo- 
couple.   All   the   tests  were   conducted   in   an   inert 

<2110> 

<0110> 

atmosphere of ultra-high purity argon gas, at three 
different initial strain rates of 3.1 x 10 \ 6.3 x 10 ' and 
1.3xl()"4s ' for the 6H-S'\C samples, and three 
different initial strain rates of 6.3 x 10 \ 1.3 x 10 4 and 
6.5 x 10" for the 4H-SIC samples. 

Fig. 1. Schematic of the compression specimen. 

Stress relaxation tests were carried out on some of 
the samples tested, wherein at some point during the 
experiment (either immediately after the onset of 
plastic flow or at some fixed value of plastic strain), the 
crosshead was stopped and the stress decay (AT) was 
recorded until the load versus time curve exhibited a 
change in curvature (discussed later). This usually 
required between 1 and 4 min depending on the test 
temperature and the flow stress value at which the 
crosshead had been stopped during the compression 
test. 

For some compression tests on 4H-SIC samples, 
after yielding had occurred at an initial strain rate of 
1.3 x 10-4 s"', strain rate jump tests were conducted by 
suddently increasing the crosshead speed by a factor of 
five to obtain a faster strain rate of 6.5 x 10 4 s '. The 
samples were then further compressed until yielding 
was observed at this faster strain rate. 

3. Experimental results 

Shown in Fig. 2(a) and (b) arc the engineering stress 
(s) vs engineering strain (c) curves for some of the 6H- 
and 4H-S'\C samples, respectively, tested in uniaxial 
compression at various temperatures, at a strain rate of 
1.3 x 10~4 s"1. These curves have been corrected for 
the machine-jig compliance. The critical resolved shear 
stress (TC) was assumed to be the stress value at the 
onset of non-linearity after the elastic region of the 
engineering stress-strain curve, multiplied by the 
Schimd factor (S = 0.5), assuming that slip occurred on 
the <2lT0>(0001) primary slip system of 6H- and 
4H-SIC. 

Figure 3(a) and (b) show the effect of test tempera- 
ture on the critical resolved shear stress (TC) of 6H- and 
4H-SiC, respectively, determined at the different strain 
rates. Each data-point in Fig. 3(a) and (b) represents 
one test. It is clear from these figures that the critical 
resolved shear stress for both 6H- and 4H-SIC 
increases sharply at test temperatures below 700°C and 
drops gradually in the temperature range 700-1300°C. 
Note that the critical resolved shear stress for 4H-SIC 
is much lower than that for 6H-S\C for temperatures 
below 700°C, at a given strain rate. At higher tempera- 
tures the critical resolved shear stress of 4H-SiC is only 
slightly lower than 6H-S'\C and in some cases the 
difference is within the limits of experimental scatter. 
Thus, at a strain rate of 6.3 x 10"5 s"', 4H-SiC yields at 
a critical resolved shear stress of %235 MPa at a 
temperature of 550°C and «8 MPa at a temperature of 



A.V. Samant, P. PirouzlInternational Journal ofRefractory Metals & Hard Materials 16 (1998) 277-289 279 

a. 

ea 
c 

'C 
u u 
c 

'5b 
c 

700 

600 

'              I .,—     r. 

'600'C 

—i 1 1 

(a) 

500 - 

400 - 

300 
L   700'C - 

200 -      /      900'C - 

•   Iff   ii arc ■ 

100 - «/ - 

/   i3oo*c 

i 1           ■ 1 -L  

0.0000 0.0025 0.0050 0.0075 

Engineering Strain 

0.0100 0.0125 

CU 

u 
GO 
00 
c 

•c u 
c 

'5b 
c 
U 

/ou i , , , ,  , 1— 

600 (b) 

500 - 

r      550'C 
• 

400 - 

_    600'C ■ 

300 \r^^ - 

700*C 900°C 
200 

■ 8  ^—" 
1100'C 

• 

100 ~m              ,^-^-J"             ' ~ 1300'C " 

■f • 

0.0100 0.0125 0.0000 0.0025 0.0050 0.0075 

Engineering Strain 
Fig. 2. Engineering stress-strain curves for the compression tests conducted on (a) 6W-SiC and (b) 4H-S'\C at a strain rate of 1.3 x 10"' s" 



280 A.V. Samanl, P. Pirouzi International Journal of Refractor Metals &Hard Materials 76 (1998) 277-289 

OH 

S 
o 
H 

500 

400 

300 

200 

100 

0 
400 

D 

O 

A 

A 

D 

O 

O 

600 

□ 
O 

e 

A 1.3x10"* sec'1 (6H-S\C) 
O6.3xl0-5sec''(6//-SiC) 
O3.1xl0'5sec' (6//-SiC) 

O 6 

A 

A 

a 

(a) 

B   9   6 
800 1000 

Temperature (°C) 

1200 1400 

a 
ft* 
S 
o 

500 

400 

300 

200 - 

100 - 

0 
400 

'              1 l                                                1                       '                        1 

O6.5xl0-4sec'(4tf-SiC) 
A1.3xl(rtsec'l(<tf/-SiC) 

(b) 

• 

D6.3xl0"5 sec ' (4H-SIC) 

• 

D 
. 

A - 

D 

D 
D 

O 

A 

o 
Ö                    A D                    g 

 -L         i                                 1                          _L  

Q 
.      A 

600 800 1000 1200 

Temperature (°C) 

1400 

Fig. 3. Effect of test temperature and strain rate on the critical resolved shear stress, TC, for the <2110>(0001) primary slip system of (a) 6H- and 
(bM*.SiC. /5^ 



A. V. Samanl, P. Pirouzllntemational Journal of Refractory Metals & Hard Materials 16 (199H) 277-289 281 

1300°C, whereas 6H-SIC yields at «450 MPa and 
x;13MPa respectively, at the same temperatures. 
4H-S'\C can be plastically deformed at 550°C at a strain 
rate of 1.3 x 10"4s_l, whereas 6H-SIC fractures 
catastrophically at this temperature. Note however, 
that we were able to plastically deform 6H-SiC at 
550°C at the slower strain rate of 3.1 x 10~5 s~'. 

To the best of our knowledge there have been no 
previous reports on the deformation of single-crystal- 
line 4H-SiC Also, we could not find any literature on 
plastic deformation of single-crystalline SiC at 
temperatures as low as 550°C, in experiments similar to 
the ones discussed here. 

Figure 4 shows some engineering stress (s) vs 
engineering strain (e) curves for the strain rate jump 
tests conducted on some 4H-SIC samples initially 
deformed at a strain rate of 1.3 x 10~" s"1; after 
yielding had occurred at this strain rate, the crosshead 
speed was suddently increased by a factor of five to 
obtain a faster strain rate of 6.5 x 10~4 s-1. Due to the 
extensive cracking which accompanied plastic deforma- 
tion, these tests could not be carried out at tempera- 
tures below 900°C. 

4. Discussion 

4.1.  Calculation of activation parameters 

Starting from Orowan's equation for the shear strain 
rate [7], 

A/A 
>- = *exp|-—j (1) 

where, -/„ is the pre-exponential factor, and AH is the 
activation enthalpy, two basic methods for the 
analysis of activation parameters will be examined 
[7,9,14-17,27]. The difference between these two 
methods is the way that the stress dependence of the 
plastic strain rate, y, is taken into account (the 
temperature dependence of j is exponential in both 
methods). 

4.2. Stress-dependent activation enthalpy 

In the first method, the activation enthalpy (AH) in 
eqn (1) is assumed to be stress-dependent whereas the 
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prc-cxponential factor (•/„) is assumed to he indepen- 
dent of stress, i.e.: 

■.■ = ■;■ exp 
H(x) 

kT 

where y. is the stress-independent pre-cxponential 
factor, and H(x) is the stress-dependent activation 
enthalpy. 

Taking logarithms on both sides of eqn (2). 
differentiating with respect to the shear stress. :. and 
rcarrancine: 

'cH\T)\ 

c: 
■kT 

c in v 

CT    /I 
(3) 

The left hand side of eqn (3), i.e. the stress-depend- 
ence of the activation enthalpy is usually defined as 
the activation volume, I': 

'■-(-) 1 di/i 

required between I and 4 min depending on the test 
temperature and the flow stress value at which the 
crosshead had been stopped during the compression 
test. The activation volume. 1'. can be determined 
from the slope /. of the semi-logarithmic plot of AT VS 

In ( 1 -•(-/.(■) using a value of c which linearizes the plot. 
F:igure 5(a) and (b) show the linearized semi- 
logarithmic plots of AT VS In (1+//r) for 6H- and 
4H-S\C. respectively, conducted at various test 
temperatures. Table 1 lists the values of the constant 
c obtained tor the relaxation tests, as a function of 
the test temperature and the shear stress. The activa- 
tion volumes at the various temperatures were 
calculated using the slope /. (also listed in Table 1) 
from the straight lines shown in Fig. 5(a) and (b) and 
eqn (6). The open symbols in Fig. d show these 
experimentally calculated activation volumes plotted 
as a function of the shear stress, T. Note the very 
small values of the activation volume 
( ^0.3 x 10 ■" m') at higher stresses ( > 150 MPa); at 
very low stresses (< 10 MPa) V increases to 
^ 10 x 10   " m. 

Thus. 

V = kT 
d In -; 

(M 

4.2.1. Activation volume calculation: stress relaxation 
tests 

One method of obtaining the activation volume. I'. is 
from stress relaxation tests according to the Guiu and 
Pratt analysis [28] and Omri ct al. [7]. According to 
Omri et al. [7] and Boivin et al. [15]. the recorded 
decay of stress (AT) after time, /, where the crosshead 
has been stopped at T = T„ and t = 0. can be written as. 

kT     (       t 
Ar= — ln( 1+ - (ft) 

The constant c in eqn (6) is related to the testing 
conditions by, 

c = kT/MVy„ (7) 

where y„ is the plastic strain rate at / = 0 and M is the 
stiffness of the machine-sample assembly. Omri et al. 
[7] emphasized that the Guiu and Pratt analysis [28] 
is not valid for long relaxation times because the 
dislocation structure could be transient during a 
relaxation test. In our experiments, in a manner 
similar to that employed by Omri et al. [7], the load 
decay (AT) was recorded until the load versus time 
curve exhibited a change in curvature. This usually 

4.2.2. Activation volume calculations: strain rate jump 
tests 

Another method of obtaining the activation volume, 
1'. is to carry out strain rate jump tests where, at a 
certain stress, r. corresponding to a certain strain, •/, 
the strain rate is suddenly changed from y, to y: and 
the resulting stress change, AT[ = (T:-T,)], is 
measured. The activation volume can then be deter- 
mined from these experiments using eqn (5) in the 
form 117]. 

■kT- 
in (•;•,/■;•:) 

AT 
(«) 

The solid square symbols in Fig. (i show the activa- 
tion volumes calculated using eqn (8) and the strain 
rate jump tests conducted on some 4H-S'\C samples, 
described in Section 3. plotted as a function of the 
shear stress, T. Also shown in Fig. 6 for comparison 
purposes, are the activation volumes obtained by Fujita 
el al. [17] from strain rate jump tests on 6H-S'\C. 

I laving determined the activation volume using 
either the stress relaxation tests (Section 4.2.1) or the 
strain rate jump tests (Section 4.2.2). the stress- 
dependent activation enthalpy, //(r). can be estimated 
by the partial differentiation of eqn (2) with respect to 
T under a given y as: 

H(r) = T 
d// 

d7 \PT 
kT- O/) 

cT 
(9) 

Si/ 



A. V. Samant. P. Pirouzllntemational Journal of Refractory Metals & Hard Materials 16 (1998) 277-289 283 

12 

2 

O 

800"C (a) 

1000'C 

1200'C 

1300'C 

o 

ln(l+t/c) 
Fig. 5. Linearized semi-logarithmic plots of the stress decay AT [i.e. (to-t)] VS In (t+c) from stress relaxation tests on (a) 6H- and (b) 4H-SiC. 
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Using  eqn   (5)  it  can  be  shown  [17]   that  cqn   (9) 
reduces to: 

H VT ( — (10) 

Figure 7 shows the stress-dependent activation 
enthalpy, calculated using eqn (10) and data from 
Fie 3 and Fig. 6, plotted as a function of the shear 
stress,   T.   In   the   present   experiments   the   stress- 

Table l 
Tabulation of data from the relaxation tests 

Material Temperature Shear stress <' (s) Slope (/) 

CO (T) (MI'a) (MPa) 

r>//-SiC 800 47.0 hl.h d.O 

6//-SiC 1000 38.(1 2<).S 4.8 

6//-SiC 1200 14.0 17.» 3.7 

6//-SK" 1300 4.2 12.0 2d 

411-SiC 550 235.0 40.0 47.4 

■IH-SiC 600 120.0 1».» 11.4 

•///-SiC 700 d.3.7 <■>.') (1.7 

■///-SiC 110(1 23.2 14.0 3.4 

•///-SiC 1300 8.0 7.4 2.3 

dependent   activation   enthalpy   for   4H-S'\C   drops 
rapidly from  *7.4eV at a shear stress of S MPa to 
5:4.0 cV   at   a   shear  stress   of  60 MPa.   and   then 
gradually to   5:2.8eV at shear stresses in excess of 
235 MPa. For 6//-SiC the stress-dependent activation 
enthalpy drops rapidly from 5:8.1 eV at a shear stress 
of 4 MPa to  5:3.0 eV at a shear stress of 47 MPa. 
Fujita et ai.  [17] observed that the shape of their 
stress-dependent    activation    enthalpy   curve    (also 
shown  in  Fig.  7  for comparison  purposes),  which 
indicated an increase in the activation energy with 
increasing    stress,    was    physically    unacceptable, 
specially in light of the positive values of the activa- 
tion volumes,  V. They concluded that a consistent 
analysis is not possible if eqn (2) was used to describe 
the plastic strain rates. In other words, the authors 
concluded that the assumption of a stress-dependent 
activation   enthalpy  was  not   reasonable   for   these 
materials.  In  the present  experiments however, an 
increase in the stress-dependent activation enthalpy 
after the initially high values at low stresses was not 
observed. Although the activation volumes obtained 
in the present experiments compare well with those 
obtained by Fujita et al. [17] (see Fig. 6), the slope of 
their  critical   resolved  shear  stress  vs  temperature 
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Fig. 6. Apparent activation volumes as a function of the shear stress, calculated from stress relaxation and strain rate jump tests. Also included 
arc the data from Fujita et at. [17]. 
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curve increased sharply in a narrow temperature 
range. From eqn (10) it can be seen that this rapid 
rise in the slope, (9T/9T).;, would result in an increase 
in the activation enthalpy at higher shear stresses 
unless this was compensated by much lower activa- 
tion volumes at similar shear stresses. In the present 
experiments since the slope, (9T/9T)V, of the curves 
[see Fig. 3(a) and (b)], does not increase rapidly 
down to temperatures as low as 700°C, we do not see 
an increase in the stress-dependent activation 
enthalpy with increasing stresses since the steep rise 
in the slope below this temperature is compensated 
by the corresponding lower activation volumes. 

4.3. Stress-independent activation enthalpy 

In the second method, the activation energy (AH) in 
eqn (1) is assumed to be independent of stress, and the 
stress-dependence of the plastic strain rate (y) is intro- 
duced in the pre-exponential term as, 

y = Axn
ccxp[-Q/kT] (11) 

where, A is a constant, n is the stress exponent, and Q 
is the stress-independent activation enthalpy. 

For 'constant' strain rate type tests, similar to 
those in the present study, eqn (11) can be rewritten as 
follows: 

Q      i 
lnrc= h -[lny- In A] 

nkT      n 
(12) 

where the second term on the right hand side of eqn 
(12) is a constant. Thus, according to eqn (12), a plot 
of In TC vs MT should be linear with a slope of Qlnk. 
The stress exponent, n, can be calculated according to 
the following expression which can be obtained from 
eqn (12): 

In ()'|/y2) 

ln(TCl/iC!) 
(13) 

where TC| and xc, are the critical resolved shear stresses 
at the two independent strain rates y, and y2 at the 
same test temperature, T. 

Figure 8(a) and (b) are plots of the natural log of 
the critical resolved shear stress, lnrc, vs the reciprocal 
of the absolute temperature, l/7\ for compression tests 
on 6H- and 4//-SiC, respectively. Table 2 summarizes 
the slopes, Q/n, and the stress-independent activation 
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Table 2 
Tabulation of data from the stress-independent activation enthalpy- 
Co) calculations 

Material Strain rate Temperature Qin Q' 
(s-1) range (°C) (eV) (eV) 

6W-SiC 1.3 x W-' 550-1300 0.6 1.8 + 0.7 
6W-SiC 6.3 x 10"' 550-1300 0.8 2.4+0.8 
6W-SiC 3.1 x 1(K' 550-1100 0.6 1.8 + 0.7 
6H-SiC 3.1 x 10-' 1100-1300 1.6 4.8 + 1.8 
■IH-SiC 6.5x10"' 550-1300 0.6 1.8 + 0.7 
4H-SiC 1.3 x 10'4 550-1300 0.7 2.1+0.8 
W-SiC 6.3 x 10"" 550-1100 0.7 2.1 ±0.8 

■W/-SiC 6.3 x 10 ' 1100-1300 1.2 3.6+1.2 

'« = 3.0 + 0.8. 

have been presented in Ref. [24]. 6H-SiC samples 
deformed at this slow strain rate and a temperature 
below (900°C) and above (13()0°C) the critical tempera- 
ture of 3:1100oC (described in Section 4.3) were 
selected for TEM examination in order to compare the 
dislocation structure in them. 

Most of the dislocations observed in the sample 
deformed at 13(K)°C appeared to be complete 
dissociated dislocations, with both the partials visible in 
the field of view. Analysis of the dislocations using the 
g.b method proved the dissociation reaction to be: 

1    _        I    _ 1      _ 
-|2110]--IH00]+ -[10101 
3 3 3 

enthalpy, Q, for the different strain rates and tempera- 
tures, for both 6H- and 4H-S\C. Using eqn (13) the 
average value of n was estimated to be 3.0 + 0.8 for 
both 6H- (from constant strain rate tests) and 4H-SiC 
(from constant strain rate tests as well as strain rate 
jump tests).  It is clear from  Fig. 8(a) and (b) and 
Table 2 that the linear relationship predicted by eqn 
(12) is indeed observed for the faster strain rates of 
1.3 x lO"" and 6.3 x 10~5 s_l for 6//-SiC, and 6.5 x 10'4 

and 1.3 x 10-4 s"1 for 4H-S\C, over the entire tempera- 
ture range tested (550-1300°C). The linear relationship 
predicted by eqn (12) is also observed up to a tempera- 
ture of all00°C for the slower strain rate tests (i.e. 
3.1xl0-5s"'    for    6//-SiC    and    6.3 x lO^'V    for 
4H-SIC). However, at temperatures above   ä1100°C, 

for these slower strain  rates, there is considerable 
deviation from linearity, indicating that a unique slope, 
Qln, can no longer be used to estimate the stress- 
independent activation enthalpy, Q. Based on the data 
presented in Fig. 8(a) and (b) and Table 2, the stress- 
independent activation  enthalpy  (Q)  for  the  faster 
strain rates of 1.3 x 10-4 and 6.3 x 10~5 s_l for 6tf-SiC, 
and 6.5 xlO-4 and 1.3xl0_4s-' for 4H-S\C, over the 
entire temperature range tested (550-1300°C), as well 
as for the slower strain rate tests (i.e. 3.1 x 10"5 s"1 for 
6H-SIC and 6.3 x 10"5 s-1 for 4H-SIC) up to a tempera- 
ture of »1100°C was evaluated to be 2.1 ±0.7 eV. The 
stress-independent   activation   enthalpy   (Q)   for   the 
slower    strain    rate    tests    at    temperatures    above 
= 1100°C, was evaluated to be 4.8 ± 1.8 eV for 6/7-SiC 
and 3.6 ± 1.2 eV for 4H-SiC. 

4.4. Possible origins of the change in the stress- 
independent activation enthalpy 

The results of some preliminary transmission 
electron microscopy studies on some of the 6W-SiC 
samples deformed at the slow strain rate of 
3.1 x 10~5 s'', where a change in the activation 
enthalpy is observed at a temperature of  %1100°C, 

In contrast, most of the dislocations observed in 
the sample deformed at 9()0°C appeared singly and not 
as pairs (like those seen in the sample deformed at 
1300°). This could either mean that such dislocations 
are   complete   and   undissociated,   or  that   they  are 
partials   and   their   complimentary_ partials   are   not 
present in the viewing area. In fact, g.b analysis showed 
these to be single partial dislocations with a 5<1010> 
Burgess vector. The question that remains unanswered 
at the moment is whether these dislocations are one of 
the partials (leading or trailing) of a pair where the 
complimentary  (trailing or  leading)  partials  are  far 
from them and out of the viewing area, or whether 
these dislocations are single leading partials that have 
nucleated without their complimentary trailing partials 
having been nucleated. However, some recent work on 
4H-S\C [23] has shown that, under certain conditions 
of   deformation,    leading    partial    dislocations   can 
nucleate singly without their trailing partials nucleating. 

The fact that the dislocations in the 6H-S1C sample 
deformed at 1300°C consisted primarily of complete 
(albeit dissociated) dislocations, whereas the disloca- 
tions in the sample deformed at 9()0°C were primarily a 
single  partial,  may  explain  the  change  of slope  at 
=tll00°C for the tests conducted at the slowest strain 
rates for both 6H- and 4H-SiC, shown in Fig. 7(a) and 
(b). In earlier studies [23,29,30], evidence has been 
presented that in semiconductors, the leading partial is 
the one which has a lower activation enthalpy, and thus 
nucleates before the trailing partial dislocation, with a 
higher    activation    enthalpy.    Moreover,    at    lower 
temperatures, if the applied shear stress is not suffi- 
ciently high, the trailing particles may not nucleate at 
all, and the leading partial may glide singly leaving a 
stacking fault behind it. Thus, in the present experi- 
ments it is possible that for the faster strain rate tests 
in test temperature range of 550-1300°C, and also for 
the slowest strain rate tests at temperatures lower than 
=tllOO°C, the deformation of 6H- and 4H-SIC takes 
place primarily by nucleation and glide of the more 

/S1 
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mobile leading partial dislocations alone. The change 
in the slope of the curve in Fig. 8(a) and (b) for the 
slowest strain rate tests at a temperature of %1100°C 
may then correspond to a change in the activation 
enthalpy from that of the activation enthalpy for the 
leading partial at temperatures below *1100oC to that 
of the activation enthalpy of the complete dislocation 
(controlled by the mobility of the slower trailing 
partial) at temperatures above » 1100°C. 

It was further shown in earlier studies [23,29,30] that 
the more mobile partial dislocations in SiC have a 
silicon core [Si(g)j while the less mobile partial disloca- 
tions have a carbon core [C(g)]. The fact that the 
activation enthalpy of 2.1+0.7 eV for the faster strain 
rates of 1.3 xlO"4 and 6.3x10 5s"' for 6//-SiC, and 

then gradually to =s 2.8 eV at shear stresses in excess of 
235 MPa. For 6H-SIC the stress-dependent activation 
enthalpy drops rapidly from «8.1 eV at a shear stress 
of 4 MPa to «3.0 eV at a shear stress of 47 MPa. 

The second method assumes a stress-independent 
activation enthalpy (Q) which was estimated from the 
stress exponent, n, and the slope {Qln) of a plot of the 
natural log of the critical resolved shear stress vs the 
inverse of the absolute temperature. Based on this 
method the stress-independent activation enthalpy (Q) 
for the faster strain rates of 1.3 xlO"4 and 
6.3x10 V for 6H-SiC, and 6.5 xlO"4 and 
1.3 x 10 4s"' for 4H-SIC, over the entire temperature 
range tested (550-1300cC), as well as for the slower 
strain  rate  tests  (i.e.  3.1x10 5s"'   for 6H-SIC and 

6.5x10    and 1.3x10 4s  ' for 4H-S\C, over the entire        6.3xl0~5s~'   for  4H-SiC)  up  to  a  temperature  of 
temperature range tested (550-1300°C), as well as for 
the slower strain rate tests (i.e. 3.1xl()"5s"' for 
6H-SiC and 6.3 x 10-5 s"1 for 4H-SIC) up to a tempera- 
ture of «1100°C, is approximately the same as that for 
glide of dislocations in elemental Si [9], suggests that 
we might in fact be measuring the activation enthalpy 
of Si(g) partial dislocation in this temperature-strain 
rate regime, and that this partial has approximately the 
same activation enthalpy as that for dislocation glide in 
elemental Si. After all, the activation enthalpy for the 
glide of Si(g) dislocations in both SiC and Si is 
primarily determined by the strength of the Si-Si bond 
in the reconstructed dislocation core [31]. On the other 
hand, the higher activation enthalpy of 4.8 + 1.8 eV for 
6H-SiC and 3.6 +1.2 eV for 4H-SiC for the slower 
strain rate tests (i.e. 3.1xl0~5s~' for 6H-SiC and 
6.3xl0"5s~' for 4H-SIC) at temperatures above 
«1100°C suggests that we might be measuring an 
activation enthalpy that is controlled by the less mobile 
C(g) partial dislocation in this temperature-strain rate 
regime, and that this activation enthalpy is significantly 
higher than that for the glide of Si(g) partial 
dislocations. 

5. Summary and conclusions 

Compression tests were conducted on 6H- (at initial 
strain rates of 3.1 x 10-5, 6.3 x 10~5 and 1.3 x 10~5 s"') 
and 4H-S\C (at initial strain rates of 6.3xl0"\ 
1.3 x 10~4 and 6.5 x 10~4 s~') samples in the tempera- 
ture range 550-1300°C. 

Two methods of estimating the activation enthalpy 
for thermally-assisted dislocation glide were examined. 
The first method assumes a stress-dependent activation 
enthalpy [H{z)] which was estimated from experiment- 
ally determined (i.e. from stress relaxation tests and 
strain rate jump tests) activation volumes. For 4H-SIC, 
H(x) drops rapidly from «7.4eV at a shear stress of 
8 MPa to «4.0 eV at a shear stress of 60 MPa, and 

«1100°C, was evaluated to be 2.1 ±0.7 eV. The value 
of Q for the slower strain rate tests (i.e. 3.1 x 10~5 s~' 
for 6//-SiC and 6.3 x 10-5 s_l for 4H-S\C) at tempera- 
tures above * 1100°C, was evaluated to be 4.8 + 1.8 cV 
for 6HS\C and 3.6±1.2eV for 4H-SiC. The change in 
the slope {Qln) of the plot of the natural log of the 
critical resolved shear stress vs the inverse of the 
absolute temperature above a critical temperature of 
«1100°C at the slowest strain rates might imply that 
the activation enthalpy for dislocation glide at lower 
temperatures is controlled by the activation enthalpy of 
the more mobile Si(g) partial dislocations whereas the 
activation enthalpy for dislocation glide at higher 
temperatures is controlled by the activation enthalpy of 
the less mobile C(g) partial dislocations. 

Additional deformation tests need to be conducted 
in the 1100-1300°C temperature regime at the slowest 
strain rates for both 6H- and 4H-SiC, in order to 
accurately determine the temperature at which the 
slope of the lntc vs \IT curve changes to a higher value. 
Deformation tests could also be done on both 6H- and 
4H-SiC at even slower strain rates to determine 
whether this change of slope in the lnrc vs MT curve 
shifts to a lower (<1100°C) critical temperature. In 
addition, TEM experiments are continuing to deter- 
mine the nature of the dislocation cores in the samples 
deformed at these slowest strain rates, as well as at the 
faster strain rates. 
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The critical resolved shear stress for activating the (0001 : :2110) slip system of monocrystalline (ill- 
SiC has been determined as a function of test temperature and strain rate via constant-displacement 
compression tests. Tests were conducted at. temperatures between 55(1 and 1:«)()"(' at strain rates of 
1.3x10-'. C.;ixll)'a and 3.1 x 10-r' s" '. The current study shows that (ill-SiC crystals can be plasti- 
cally deformed via relatively modest resolved .shear stresses on the basa! plane at temperatures as low- 
as K55() °C. For temperatures below = 1300 °C for the fast and intermediate strain rates, and for tem- 
peratures below s= 1100 °C for the slow strain rate, the stress exponent n. and the activation cut halpv 
// were estimated to be (3.0 ±0.7) and (2.1 ±0.7) eV. respectively. At higher temperatures at the 
slowest strain rate, the activation enthalpy was determined to be (4.5 ± 1.2) eV. Subsequent to the 
deformation tests, transmission electron microscopy (TEM) was used to rationalize some of the results. 

1. Introduction 

In addition to its use as a reinforcement in metal- and ceramic-matrix composites, sili- 
con carbide (SiC) has drawn increasing attention from researchers in recent years he- 
cause of its potential as a wide bandgap semiconductor. Despite its increasing popularity 
as an electronic material, however, the deformation behavior of monocrystalline SiC has 
been studied only to a limited extent. 

Fujita et al. [1] studied deformation of single-crystalline GH-SiC by high temperature 
indentation and compression followed by transmission electron microscopy (TEM) inves- 
tigations of dislocations generated. The a-SiC bulk single crystals used in their study 
were grown by the Acheson technique. The two strain rates employed by these authors 
were approximately 2x lO"4 and 2x lO^s"1, respectively. Two orientations, one in 
which a basal slip system was preferentially activated, and another in which basal slip 
was suppressed, were chosen. 

Suematsu ct al. [2] compressed single crystals of GH-SiC. grown by a Acheson technique, 
parallel to the basal plane (i.e. zero resolved shear stress on the (()()()]) easy glide plane) at 
various temperatures between 900 and 1500 °C. The specimens were compressed at strain 
rates of 2.8 x 10"5 to 5.G x 10"5 s"1 to a point where they kinked. TEM studies of the 
deformed specimens showed a high density of dislocations around the kinked sections. The 
kinking was attributed to slight misalignments in the specimen during deformation. 

Yang et al. [3] conducted constant-load compression tests on GH-SiC single crystals in 
the temperature range 800 to  1400 °C. in an orientation similar to that employed " 
Fujita et al. [1], These crystals were also grown by the Acheson technique. 
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('oniian [-1] conductwl constant-load creep tests on (iH-SiC for orientations parallel to 
and at 15° to [0001]. Tests were conducted at temperatures ranging from SOO to 1850'"(' 
to determine the steady-state creep rates for the two different orientations. Deformation 
of the -15   oriented crystal was dominated by basal slip. 

Ning and Pirouz [5j deformed (iH-SiC single crystals in comi)ression and indentation. 
The orientation chosen for compression was such that easy (basal) glide was not favored 
and the loading axis was normal to the (2023) end surfaces. In constant-load tests similar 
to those conducted by Yang et al. [3|. they compressed tin specimens at 13S0 JC under a 
stress of 70 MPa. Extensive transmission electron microscopy was conducted to propose 
mechanisms for the formation of.kinks and cracks in the crystals induced by deformation. 

In the current work the primary interest was to determine the compressive yield 
strength of monocrystalline (iH-SiC as a function of test temperature and strain rate. 
The orientation of the single crystals was similar to that used by Corman [A]. The aim 
was to obtain the maximum possible Schumi factor. S (i.e. equal to a maximum possible 
value of 0.5). for the (0001) (2110) slip system as well as to have a high value of S for 
the (0110) (2ll0) secondary slip (cross-glide) system. Subsequent transmission electron 
microscopy on the deformed samples enabled the rationalization of the deformation be- 
havior of GH-SiC. 

2. Experimental Procedures 

The GH-SiC bulk single crystal was obtained from Croc Research Inc.1) The crystal was 
grown along the [0001] direction by a modified sublimation technique, and was pale 
green and transparent in its as-received condition. Raman spectroscopy was conducted 
on the as-received single crystal in an effort to identify the presence of other polytvpes 
of SiC. Fig. 1 shows a typical spectrum obtained. According to the data reported in the 
literature [G to 9] all the peaks in the figure correspond to those of single crystalline pure 

1000.1      942.7        884.6 825.9        766.4 
971.5        913.7 855.3 796.2 

Wavenumber(cm" ) 

Fig. 1.  Raman   spectrum   from   the   as-re- 
ceived GH-SiC single crystal 

Durham. North Carolina. USA. 
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Table I. Average FWHM of the SiC 200 peak for the SiC films grown on 
the three different substrates. 

Sample Thickness of 
SiC film (pm) 

Substrate Thickness of Si/Si02 

(nm/nm) 
FWHM 
(arcsec) 

1 -40 Bulk Si 
<001> 

500,000/0 198 

2 -20 Thick SIMOX 
<001> 

200/400 234 

3 -40 Thin SIMOX 
<001> 

35/40 180 
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FIGURE CAPTIONS 
Fig. 1. Schematic diagram of an epilayer on a compliant substrate. In this case, the 
compliant substrate consists of a thin monocrystalline silicon layer sitting on an 
amorphous silica layer that flows at a sufficiently high temperature and allows the Si 
substrate to plastically deform and accommodate the elastic stresses B5£s in it. There is 
thus weak shear forces, and sufficiently strong vertical adherence, between the thin Si 
substrate and the silica. 

Fig. 2. Schematic configuration of a SIMOX structure as a Si(II)/Si02/Si(I) multilayer. 

Fig. 3. Typical X-ray rocking curves from the 3C-SiC film deposited on (a) bulk silicon 
wafer, (b) thick SIMOX, (c) thin SIMOX. 

Fig. 4. Cross-sectional micrographs of the defect distribution in the 40 um-thick SiC 
grown on bulk Si from the region (a) near the SiC/Si interface, (b) halfway in the film, 
and (c) near the surface. 

Fig. 5. Plan-view micrographs of the same sample as in Fig. 1 from the region (a) near 
the SiC/Si interface, (b) halfway in the film, and (c) near the surface. 

Fig. 6. Cross-sectional view of SiC grown on (a) thick and (b) thin SIMOX. The SiC 
epilayer thickness in (a) is 20 fim while that in (b) is 40 urn. The SADP from the different 
regions of the multilayer are inset. 

Fig. 7. A HTREM micrograph of the SiC deposited on the thin SIMOX. Only the SiC, 
Si(II) and Si02 layers are shown here. 

Fig. 8. Cross-sectional TEM micrographs of the 40 |im-thick 3C-SiC film grown on thin 
SIMOX from a region (a) near the SiC/Si interface, (b) nearly halfway between the SiC/Si 
interface and the SiC surface, (c) close to the film surface. 

Fig. 9. Plan-view TEM micrographs of the 40 (im-thick 3C-SiC film grown on thin SIMOX 
from a region (a) near the SiC/Si interface, (b) nearly halfway between the SiC/Si 
interface and the SiC surface, (c) close to the film surface. 

Fig. 10. Cross-sectional view of the 20 (im-thick SiC epilayer grown on the thick SIMOX 
(a) near the film surface and (b) near the SiC/Si interface. 

Fig. 11. Plan-view micrographs corresponding to those shown in Fig. 10. 

Fig. 12. Strain contrast BF micrographs focusing on the Si layer on which SiC is deposited: 
(a) bulk silicon wafer, (b) "thick SIMOX", (c) "thin SIMOX", note the lattice defects that 
have been generated in this case. 
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ABSTRACT 
Single crystal 4H and 6H polytypes of SiC have been deformed in 

compression at 1300CC. All the deformation-induced dislocations were found 
to be dissociated into two partials bounding a ribbon of intrinsic stacking 
fault. Using two-beam bright-field and weak-beam dark-field techniques of 
transmission electron microscopy, the stacking fault energy of these two SiC 
polytypes has been determined from the separation width of the two partials of 
dissociated dislocations. The stacking fault energy of 4H-SiC is determined to be 
14.7 ± 2.5 mJm , and that of 6H-SiC to be 2.9±0.6mJm-2. As a verification, 
the stacking fault energy of 4H-SiC has been determined also from the minimum 
radius of curvature of extended nodes. This latter method gave a value of 
12.2 ± 1.1 mJm"2 which is within the range determined from measurement of 
partial dislocation separations. The experimental values of stacking fault energy 
for 4H- and 6H-SiC have been compared with estimates obtained from a 
generalized axial next-nearest-neighbour Ising (ANNNI) spin model. It is found 
that the theoretical models predict the lower stacking fault energy of 6H-SiC 
compared with that of 4H-SiC, and the predicted energies are, respectively, 
within 5% and 40% of the experimental values. 

§ 1. INTRODUCTION 

SiC occurs in many different phases (polytypes) mostly with hexagonal or rhom- 
bohedral structures, generally known as ct-SiC, and also a unique cubic phase, with 
the zincblende structure, known as ß-SiC. All the different SiC polytypes are tetra- 
hedrally bonded and can be envisaged as an assembly of corner-sharing tetrahedra. 
Each tetrahedron T consists of four silicon (carbon) atoms at its corners bonded to a 
carbon (silicon) at the centroid of the tetrahedron. In the tetrahedron, there is 
threefold rotational symmetry about each of the four SiC bonds any of which 
may be taken as the c axis. As a result, a rotation of 180° about such a direction 
breaks the threefold symmetry and produces a different ('twinned') variant T'. 

The 'normal' ('twinned') tetrahedra can occupy three different spatial positions 
denoted as T,, T2, T3 (T{, T[ and r3'). The SiC polytypes are built up from an 
assembly of normal (T,), and twinned (T/), /= 1,2,3, variants with the restriction 
that any two neighbouring tetrahedra share a corner (for more details, refer to, for 
example, Pirouz and Yang (1993), Pirouz (1997)). 
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A simple classification of the polytypcs is by the Ramsdell (1947) notation where 
a polytype «L is characterized by a number n and a letter L. The number n gives the 
periodicity of the tetrahedra along the c axis and the letter L(=C, H, and R for 
cubic, hexagonal and rhombohedral, respectively) indicates the symmetry of the 
resulting structure. In general, when n (— 2m) is an even integer consisting of an 
equal number of normal, mTh and twinned, m7"/, tetrahedra (symmetric configura- 
tion), the resulting nW polytype has hexagonal symmetry while when n is an odd 
integer, or n (= m + m' with m ^ m') is even but consists of unequal numbers of 
normal, m7„ and twinned, m'7,', tetrahedra (asymmetric configuration), the nR 
polytype has rhombohedral symmetry. For the case of n = 3 a unique structure is 
obtained in that the resulting structure consists of only one tetrahedral variant, 7,- or 
7/. This rhombohedral polytype, with a periodicity of three, has a tetrahedral 
sequence ... 7, 7273 ... (or ... 7,'73'72' ...) along the c axis that gives it an additional 
cubic symmetry; thus it is usually known as 3C (zincblende) rather than 3R. All the 
other SiC polytypes consist of an assembly of the two variants 7,- and 7/. Thus, 2H is 
the rare wurtzite structure with a tetrahedral sequence ...T\T{... and a periodicity 
of two. The two most common polytypes of SiC under ambient conditions are 
6H-SiC (figure 1(a) and 4H-SiC (figure 2(a) with tetrahedral sequences 
... 7| TiT^T^T'xT^ ... and ...Tx T2T{Ty..., respectively. 

In any of the SiC polytypes, the plane normal to the c axis defines the basal plane 
that is parallel to a {111} in the cubic 3C polytype and to (0001) in hexagonal or 
rhombohedral polytypes. Because of the polar nature of the SiC tetrahedron, each 
basal plane consists of two parallel planes, one (denoted as a, ß, 7) consisting of only 
carbon atoms and the other, (denoted as A, B, C) consisting of only silicon atoms. 
These two planes are separated from each other by a distance 3c/4, where c is the 
edge length of the unit cell along the c axis (see, for example, figures 1 (a) and 2(a)). 
The different arrangements of SiC tetrahedra in the different SiC polytypes result in 
different stacking sequences of (0001) double planes along the [0001] direction. Thus, 
6H- and 4H-SiC may also be considered as having, respectively, six and four double 
layers in their corresponding hexagonal unit cells with stacking sequences 
... aAßB-yCßBaA-yC... and ... aAßBaA~fC... (figures 1 (a) and 2 (a)). 

All the SiC polytypes are semiconductors with different bandgaps varying from 
2.4 eV for the cubic 3C phase to 3.3 eV for the 2H-SiC. Because of their wide 
bandgaps, there has been much interest recently in employing single-crystal, 
single-polytype, SiC polytypes for fabricating high-temperature electronic devices, 
specially since they have many desirable electronic properties such as high electron 
mobility, large breakdown field, high thermal conductivity, and good corrosion and 
radiation resistance (see, for example, Choyke et al. (1997)). Based on the pioneering 
work of Tairov and Tsvetkov (1978), 6H- and 4H-SiC polytypes can now be grown 
as ingots. Since wafers of these two crystals have become commercially available, 
they are the two polytypes that are most often used for producing electronic 
devices for applications in harsh environments (e.g., high radiation flux) where 
Si- or GaAs-based devices do not last too long. Table 1 summarizes some of the 
physical properties of 6H- and 4H-SiC. 

Because of the good mechanical properties of SiC, its deformation behaviour has 
been studied extensively in the polycrystalline form. The investigation of single- 
crystal SiC is more recent and has been of much interest because it sheds light on 
the relationship between the deformation mechanism of these tetrahedrally coordi- 
nated materials and the microstructure of deformed crystals (mainly their dislocation 
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...ctAßBTCßBaATC... 

Figure 1. Tetrahedral stacking sequence of 6H-SiC (a) before and (b) after glide of a leading 
b[ = ^ (1100) partial dislocation (Burgers vector indicated in the figure). Note that the 
normal (twinned) tetrahedra on the glide plane are translated by b, and also are 
converted to twinned (normal) tetrahedra. All the other tetrahedra above the slip 
plane are simply translated by b, without changing their nature. The dashed lines in 
(a) delineate the projection of a 6H-SiC unit cell. 

structure). The dislocation structure of 3C-SiC has been studied by Stevens (1970, 
1972), and that of 6H-SiC by many different groups (for example, Pilyankevich et al. 
(1982), Pilyankevich and Britun (1984), Fujita et al. (1986, 1987), Maeda et al. (1988, 
1993), Suematsu et al. (1991), Corman (1992), Yang (1993), Yang and Pirouz (1993), 
Yang et al. (1994), Ning and Pirouz (1996) and Samant (1999)). The microstructure 
of single-crystal 4H-SiC has been studied to a much lesser extent (see, however, Ning 
et al. (1997), Samant (1999) and Samant et al. (1999)). 

/S"Z- 



M. H. Hong et at. 

(b) 

Slip Plane 

[0001 
it 

[112J04 

2     3 
Faulted 6H-SiC 

...T^2T3/T,V3T2T3Tr 
.. .aApB-yC/oA-yCpBiCaA... 

Figure 1.    (Continued) 

The easy slip plane of all the non-cubic (hexagonal or rhombohedral)_SiC 
poly types is (0001) and the dislocations have a total Burgers vector b = ^(2110). 
As in other tetrahedrally-coordinated structures, these dislocations are dissociated 
into two partials with Burgers vectors b, = i(ll00) and bt = i(10T0), where sub- 
scripts 1 and t denote the leading and trailing partials, respectively. The dislocation 
dissociation is according to the following reaction (Amelinckx et al. I960, Amelinckx 
1979): 

J<2l!0)-$(1100)+$(10!0). 

The partial dislocations in SiC, as in other tetrahedrally coordinated semiconduc- 
tors, very probably move on the narrowly spaced 'glide' planes rather than on the 

/S3. 



Stacking fault energy o/ÖH-SiC and 4H-SiC 

(a) 
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[0001 

:1120] 
-[1100] 

4H-SIC   (22) 
...^TaT^T'a... 
...aAßBaA-yC... 

Figure 2 Jctrahcdral stacking sequence of 4H-SiC (a) before and (b) after glide of a leading 
b, - 3 (1100) partial dislocation (Burgers vector indicated in the figure). Note that the 
normal (twinned) tetrahedra on the glide plane are translated by b, and also are 
converted to twinned (normal) tetrahedra. All the other tetrahedra above the slip 
plane are simply translated by b, without changing their nature. The dashed lines in 
(a) delineate the projection of a 4H-SiC unit cell. 

widely spaced «shuffle' planes (Pirouz and Ning 1995). The motion of the leading 
partial dislocation on a particular (0001) slip plane displaces the part of the crystal 
on one side of the slip plane by the vector b, = $ (1 TOO) with respect to the other part 
and, in addition, changes the nature of all the tetrahedra on that plane (normal to 
twinned, and vice versa). As a result, an intrinsic stacking fault is left on the (0001) 
shp plane. This can be seen for 6H-SiC by comparing figure 1 (a) and (b) which show 
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Figure 2.    {Continued) 

Table 1. Some important properties of 6H-SiC and 4H-SiC. 

a (nm) c (nm) 
Number of 

atoms per unit cell 
Normal/twinned 

tetrahedra Bandgap (eV) 

4H-SiC 
6H-SiC 

0.308 
0.308 

1.005 
1.508 

8 
12 

2/2 
3/3 

3.265 
3.023 

the configuration of the tetrahedra before and after the passage of a leading partial 
dislocation. As can be seen, the .. .T^T-iT^T^... stacking sequence in the 
perfect crystal changes to ...T^Ti/TiT^TjT^... in the deformed crystal; 
the symbol/representing the plane on which the leading partial has moved and left 
a stacking fault. Similarly, figure 2(a) and (b) show the change in the tetrahedral 
stacking sequence that takes place when a partial dislocation glides on the slip plane 
of a 4H-SiC crystal; in this case ... T{ T2T(Tj ... tetrahedral stacking sequence in the 
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perfect crystal changes to ... 7, r2/r3r2'^T, T[T[ ... after the passage of the lead- 
ing partial. 

As in other tetrahedrally coordinated compounds, because of the polar nature of 
basal planes, the core of the perfect or partial dislocations consists of only one 
species, i.e., silicon or carbon, and, because the partial dislocations belong to the 
glide plane, they are denoted as Si(g) or C(g) (Alexander el al. 1979). Using the 
technique of large-angle convergent beam electron diffraction (LACBED), it has 
been possible to distinguish between the different partials and show that the Si(g) 
partials have a smooth morphology whereas the C(g) partials tend to be zigzagged 
(Ning and Pirouz 1996). 

A number of investigators have studied the mechanical deformation of 6H-SiC 
single crystals. The results of these studies show that, above ~1100°C, plastic defor- 
mation of this material occurs by the activation of the (0001 )(1120) slip system with 
the uncorrelated motion of leading/trailing partial dislocation pairs. From the width 
of partial separations, Maeda et al. (1988) evaluated the stacking fault energy of 6H- 
SiC to be 2.5 ± 0.9 mJ m~2. This value is much lower than that of other tetrahedrally 
coordinated semiconductors (Gottschalk et al. 1978, Takeuchi et al. 1984, Takeuchi 
and Suzuki 1999), such as Si (55 ± 7 mJ m~2), GaAs (45 ± 7 mJ m-2), or CdS 
(8.7 ± 1.5mJm~2); consequently the dissociation width of dislocations in SiC 
tends to be much larger than in other semiconductors. Very recently, Samant 
(1999) has shown that 6H-SiC can be plastically deformed at temperatures as low 
as 550°C by the activation of only the ±(10l0) leading partial dislocations. Further, 
Hong et al. (1999), using LACBED, have shown that these single partial dislocations 
have a silicon core. 

In contrast to 6H-SiC, the mechanical properties and the resulting dislocation 
microstructure of 4H-SiC have been studied to a much lesser extent. Ning et al. 
(1997) investigated the indentation hardness of 4H-SiC over a range of tempera- 
tures and found a strong hardness anisotropy between the silicon- and carbon- 
terminated (0001) faces. They concluded that this hardness anisotropy arises from 
the different core structure of leading dislocations introduced by high-temperature 
indentation: the hardness of the opposite Si- and C-terminated faces was, respec- 
tively, controlled by Si(g) and C(g) partial dislocations. The more recent work of 
Samant (1999) used compression of single crystals oriented for easy glide. It was 
shown that, as in 6H-SiC, perfect dissociated dislocations dominated the micro- 
structure of crystals deformed above 1100CC, while at lower temperatures the 
microstructure was dominated by single leading partials that appear to be all 
Si(g). 

In the present paper we report the results of a transmission electron microscopy 
(TEM) study of dissociated dislocations in 6H- and 4H-SiC single crystals produced 
by plastic deformation at 1300°C. To the authors' knowledge, except for the afore- 
mentioned work of Ning et al. (1997) on indented 4H-SiC, there are no reports of the 
dislocation configuration in deformed 4H-SiC, or on the experimental determination 
of the stacking fault energy of this polytype. Here we have determined the stacking 
fault energy of the 6H-SiC and 4H-SiC, or polytypes, and compared the value 
obtained for 6H-SiC with that previously obtained by Maeda et al. (1988). Also 
we have used the axial next-nearest-neighbour Ising (ANNNI) model, as developed 
by Heine et al. (1992) to explain polytypism in SiC and ZnS, to estimate the stacking 
fault energy of 6H- and 4H-SiC and compare these with the experimentally deter- 
mined values. 
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§2. EXPERIMENTAL 

The 6H- and 4H-SiC bulk single crystals used in this study were grown by the 
modified sublimation technique (the 6H-SiC was grown at Cree Research, Inc., and 
the 4H-SiC was grown at Northrop-Grumman Corporation). Parallelepiped speci- 
mens with nominal dimensions 2 mm x 2 mm x 4 mm were orientedand cut for 
single glide such that one pair of their lateral faces was parallel to {1100}, and the 
(0001) basal plane made an angle of 45° with respect to the compression axis. 
The samples were compressed at 1300°C in ultra-high purity argon to a strain of 
about 4-6%. From the deformed specimens, 0.3 mm thick slices parallel to (0001) 
were sectioned with a diamond wheel cutter. Subsequently, the slices were ground 
with emery paper to a thickness of about 100 urn, dimpled to a thickness of about 
20 urn, and ion-thinned to electron transparency at a voltage of 6 kV at an angle of 
~ .15°. The thin TEM foils were examined in a Philips CM20 electron microscope 
operating at an accelerating voltage of 200 kV. 

§3. RESULTS 

Figure 3 presents typical examples of the dislocations produced in a 6H-SiC 
single crystal specimen deformed to a normal strain of 2.4% at 1300°C at a strain 

Figure 3. Dissociated dislocations in 6H-SiC introduced by compression at 1300°C. The 
bright-field figures, (a) g = 1120, (6) g = 2Ü0, and (c) g =1210, were taken close 
to the [0001] zone-axis while the dark-field figure, (</) g = 1011, was taken close to the 
[TO 12] zone axis. 
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rate of 6.3 x 10" s~ . The Burgers vector of the dislocation segments denoted by A 
and B were determined using the standard g-b = 0 invisibility criterion. The same 
region of the specimen was observed under 2-beam bright-field (figure 3 (a-c) and 
dark-field (figure 3(d)) conditions. Dislocation A is in contrast with reflections 
g = 1120 (figure 3(a)) and g = 1210 (figure 3(c)) and is out of contrast with reflec- 
tion g = 2! 10 (figure 3(6)). This indicates that A is a partial dislocation with a 
Burgers vector bA = 5(0110]. On the other hand, dislocation B is in contrast with 
g= 1120 (figure 3(a)) and g = 2110 (figure 3(b)) and is out of contrast with 
g = 1210 (figure 3(c)). This indicates that the Burgers vector of (partial) dislocation 
B is bB =i[10l0]. Figure 3(d) shows a dark-field micrograph of the dislocation 
configuration in the same region taken with g = [Toil] near the [1012] zone axis. 
It shows clearly the stacking fault contrast between the two partials that lie on the 
same basal plane, confirming that A and B are the two partials of the same disso- 
ciated b = 5 (1120] dislocation. Similar micrographs from other dislocation segments 
in this specimen confirmed that all the dislocations observed in the deformed 6H-SiC 
sample are indeed partial dislocation pairs of dissociated b = \{\ 120) dislocations. 
Observation of many dislocations in the foil shows that the width of the stacking 
fault ribbon does not change greatly within the sample. At a deformation tempera- 
ture of 1300°C, we believe that the dissociated dislocations are close to their equili- 
brium configuration. Table 2 summarizes the results of figure 3. 

The stacking fault energy 7 of a dissociated dislocation segment can be obtained 
by balancing it to the sum of the self-energies of the two partials plus their interac- 
tion energy (Amelinckx 1979). For an anisotropic hexagonal structure, 7 is related to 
the separation distance d of the two partials of a dissociated dislocation by the 
following equation (Steeds 1973): 

7=j^{(3sin2 <j>-cos2 4>)Kl + (3cos2 <p - sin2 0)Kj}, (1) 

where b = |b| is the magnitude of the Burgers vector of the perfect dislocation, <j> is 
the angle between the Burgers vector and dislocation line, and Kx and Kj are the 
energy factors calculated from elastic constants. The elastic constants were taken 
from the work of Lambrecht et al. (1991). 

As expected, the separation distance a* of the dissociated dislocations in 6H-SiC is 
much larger than in other tetrahedrally coordinated semiconductors. Using equation 
(1), the stacking fault energy of 6H-SiC was calculated; the results are plotted as a 
function of the angle between the Burgers vector and the dislocation line in figure 4. 
The two lines drawn in the figure show the theoretical values calculated from equa- 
tion (1). The stacking fault energy is evaluated to be 2.9 ± 0.6 mJ m"2; the upper and 
lower bound values, corresponding to a standard deviation, are 2.4 mJm"2 and 
3.5 mJm and are shown by the two lines in the figure. This value of 7 in 6H- 
SiC is in good agreement with the value of 2.5 ± 0.9 mJ m~2 obtained previously by 

Table 2.   Determination of the Burgers vector of dislocations in figure 3 produced by 
deformation of 6H-SiC at 1300°C: >/, in contrast; and x, out of contrast. 

9 H20 2TT0 1210 Ton b 
A V x V V H0lIl 
ü V _j/ X y/ l[10l0] 
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Figure 4. Separation of partial dislocations in 6H-SiC as a function of the angle between the 
Burgers vector and the dislocation line: the two solid lines were calculated from 
equation (1) assuming an upper bound value of 7 = 3.5 mJm-2 and a lower bound 
value of 7 = 2.4 mJ m"2. 

Maeda et al. (1988) using the same TEM techniques applied to extended dislocations 
resulting from compression of Acheson single-crystal SiC samples at 1600CC. 

For the case of 4H-SiC, the separation of partial dislocations was found to be 
much less than that of the dissociated dislocations in 6H-SiC. Consequently, the 
weak-beam dark-field technique of TEM (Cockayne et al. (1969) was employed to 
measure the separation widths of partials. Figure 5 shows pseudo-weak-beam (g/3g 
corresponding to a deviation parameter s of 0.12 run-1) micrographs of typical dis- 
locations produced in a 4H-SiC single-crystal sample deformed to a strain of 4.2% at 
1300°C at a strain rate of 3.0 x 10~5 s_l. Figure 5 (a) and (b) are a g/- g pair taken 
with reflections g = ±1210 showing inside/outside contrast between the two partials 
of a dissociated dislocation segment. Figure 5 (c) was taken with reflection g = 1011 
after the specimen was tilted to near the [l012] zone axis; it shows the contrast from 
the stacking fault between the two partials of the dissociated dislocation segment. 
Detailed g-b contrast experiments showed that the two partials have Burgers vectors 
b| = 5 [0110] and bt = 5 [1100]. A comparison of figures 5 and 3 shows clearly that the 
width of the stacking fault ribbon is much smaller in 4H-SiC than in 6H-SiC. 

By measuring the separation of partial dislocations in micrographs such as those 
shown in figure 5, and using equation (1), the stacking fault energy of 4H-SiC was 
calculated. The solid lines in figure 6 show the theoretical values of d versus 6 
corresponding to two values of stacking fault energy, an upper bound value of 
7= 17.2mJm~2, and a lower bound value of 7 = 12.3mJm-2. The experimental 
points in this figure correspond to the actual width of the partial separation (A), 
corrected by means of the equation proposed by Cockayne et al. (1969), from the 
experimental width (40t,$) at several locations along the dislocation line. The mean 
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Figure 5. g/3g (5 = 0.12nm_1) pscudo-wcak-bcam micrographs of a typicaj dissociated 
dislocation in 4H-SiC introduced by compression at 1300°C: (a) g = 12l0 and (b) 
g = 1210 were taken near the [0001] zone axis, while (c) g = 1011 was taken near 
the [TO 12] zone axis. 

30 50 

Dislocation line orientation P) 

Figure 6.   The separation distance of dissociated dislocations in 4H-SiC as a function of the 
angle between the Burgers vector and the dislocation line: the two solid lines were 
calculated from equation (1) assuming an upper bound value of 7 = 17.2 mJ m~ 
lower bound value of 7 = 12.3 mJm"2. 

and a 
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value of the stacking fault energy is evaluated to be 14.7 ± 2.5 mJ m ^the values 
corresponding to the standard deviation are 12.3 mJm~2 and 17.2mJm '. As in the 
case of 6H-SiC, we believe that dislocations introduced by deformation of 4H-SiC at 
1300°C are dissociated to their equilibrium separation. 

In addition to the measurement of partial separations, the stacking fault energy 
of 4H-SiC was estimated also from the minimum radius of extended nodes produced 
by the deformation process (e = 4.2%, T = 1300°C, e = 3.0 x 10-V). Such an 
extended node, consisting of dislocation arms A, B and C, is shown in the 
pseudo-weak-beam image (s = 0.12 nm"1) of figure 7. The Burgers vectors of the 
three arms were determined by the standard gb = 0_ invisibility criterion. 
Dislocation A is in contrast with the two reflections g = 1210 (figure 7(a)) and 
g = 2110 (figure 7 (b)) and out of contrast with g = 1120 (figure 7 (c)). This indicates 
that segment A is a partial dislocation with a Burgers vector bA = }(1100]. On _the 
other hand, dislocationsB and C are out of contrast when reflections g = 2110 
(figure 1(b)) and g = 1210 (figure 7(a)) are, respectively, used to image the node. 
Thus, the Burgers vectors of dislocations B and C are bB = 5[0110] and 
bc = 3 [1010], respectively. Figure 1(d) shows the node imaged with the reflection 
g = Toil near the [1012] zone axis. Similar to the case of 6H-SiC in figure 3(d), the 
stacking fault contrast within the extended dislocation node ABC is in contrast, 

Figure 7. g/3g (s = 0.12nm-1) pseudo-weak-beam micrographs of an extended node in_4H- 
SiC introduced by compression at 1300°C: (a) g = 1210 (b) g = 2110 and (c) g = _1120 
were taken near the [0001] zone axis, while (d) g = TOlT was taken close to the [1012] 
zone axis. 
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Table 3.    Determination of the Burgers vector of dislocations in figure 7 produced by 
deformation of 4H-SiC at'l300°C: y, in contrast; and x, out of contrast. 

9 I2l0 2ll0 Tl20 1011 b 

A v/ v/ X sj i[iioo] 
B V X V V7 i[0110) 
C X N/ %/ v/ i[10T0] 

confirming that all the three partials lie on the same (0001) basal plane. Table 3 
summarizes the results of the analysis of figure 7. 

According to Brown and Thölen (1964), the minimum radius of an extended 
dislocation node is given by: 

0.055 
2-i/ 

1 -v 
0.06 

(l-i,)' 
cos 2a 

+ 0.018 
1 -v 

+ 0.036 (T^T) cos 2a log,0(p/£), (2) 

where G is the shear modulus, bp is the length of the partial dislocation Burgers 
vector, w is the radius of the inscribed circle in the node, v is Poisson's ratio, a is the 
character of the partial at the midpoint of the node, p is the loop radius and e is the 
cutoff radius taken to be equal to bp. Using this equation, and the elastic coefficients 
of Umbrecht et al. (1991), we obtain 7 = 12.2 ± 1.1 mJm-2. This value lies within 
the range 14.7 ± 2.5mJm 2 determined from the partial separations. Note that the 
stacking fault energy of 4H-SiC is nearly five times larger than that of 6H-SiC 
(=2.9±0.6mJm-2). 

§4. DISCUSSION 

4.1. Energy of perfect (unfaulted) poly types 
According to Heine and «workers (for example Cheng et al. (1988)), the total 

energy of a system of n layers of an nH- (or nR-) SiC polytype at T = 0 K is 

1 -",   °° 
(3) 

1=1 >=i 

where a,, = +1 or -1 according to whether the layer has up or down spin. The up or 
down spin corresponds to the orientation of the triple bonds in an SiC tetrahedron 
(Zhdanov 1945) or, alternatively, to whether the tetrahedron is normal (T) or 
twinned (T') (Pirouz and Yang 1993). Thus, a 4H polytype with a tetrahedral 
stacking sequence of ... TfoTlTi..., or 22 in Zhdanov notation, can be repre- 
sented as ... tj||..., and a 6H polytype with a tetrahedral stacking sequence 
... TlT2T2T2T\Ti...,   or   33   in   Zhdanov   notation,   can   be   represented   as 
• ••mm... 

In equation (3), £0 is the reference energy per layer in the crystal, and the J, are 
the interaction energies between rth-neighbour basal (double) planes. In this equa- 
tion, spin couplings higher than third-order layers ignored are usually because the 
corresponding interaction energies become negligibly small. Using norm-conserving 
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<2il0> 

Fig. 2. Schematic of the compression speci- 
men. Nominal specimen dimensions are 
2.0x2.0 x 4.0 mm3 

<0110> 

OH-SiC. Secondary ion mass spectroscopy (SIMS) was used to determine the oxvgen 
(less than 1 > I0"'cm-J) and nitrogen («5 x 10lc cm-3) contents. Photographic emis- 
sion spectroscopy [10] revealed that the concentration of each of the common impurity 
elements, such as titanium, iron, aluminium, nickel and manganese, was below the detec- 
tion limit, of 5 ppm. 

The orientation of the bulk crystal was determined by the X-ray Laue back-reflection 
technique and the samples were cut in an orientation as shown in Fig. 2. The samples 
were parallelepiped-shaped specimens with nominai dimensions «2.0 x 2.0 x 4.0 mm3. 
After cutting, all the faces of each specimen were ground using a 20 |xm diamond- 
impregnated disc followed by a 9 urn diamond polish. Each specimen then had the 
correct orientation for maximum resolved shear stress (S = 0.5) for one of the three 
independent (0001) (2110) primary slip systems. The Schmid factor (S) for slip on the 
two other (0001) (2ll0) independent (secondary) slip systems was lower («0.43). 
Fig. 2 is a schematic representation of the compression samples used in the current 
experiments. 

The samples were tested using a 1361 Instron machine equipped with an electro-me- 
chanical actuator, in a specially machined polycrystalline SiC jig. The machine was 
fitted with a furnace with MoSi2 heating elements. Tests were conducted at tempera- 
tures between 550 and 1300 °C. The temperature was monitored with a Pt-30% Ith 
versus Pt-6% Rh thermocouple. All the tests were conducted in an inert atmosphere of 
ultra-high purity (99.999%) argon gas, at three different strain rates: a fast strain rate 
of 1.3 x 10-" s-', an intermediate strain rate of 6.3 x 10~5 s"1, and a slow strain rate of 
3.1 x 10-Js-'. At each temperature in the range 500 to 1300 °C, the compliance of the 
machine was obtained from the stress-strain curve of the system (fixture only without 
any sample mounted) using different loads on the load cell of the Instron and measuring 
the displacement response of the LVDT system. 

Subsequent to the compression tests, transmission electron microscopy (TEM) sam- 
ples were prepared from some of the deformed crystals. Specimens parallel to the (0001) 
plane were prepared from cut slices of «300 urn initial thickness. These slices were then 
mechanically ground using silicon carbide paper to a thickness of «70 urn. After further 
polishing using 3 and 1 urn diamond paste, the samples were dimpled to a thickness of 
«20 urn followed by ion beam thinning to electron transparency. A Philips CM20 trans- 
mission electron microscope was utilized to examine these specimens. 
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3.  Experimental Results and Discussion 

.7. /  Shear stress measurements 

Fig. 3a. I) arc optical micrograph* showing the slip traces on the (0110) front and 
Ä(2lil0) side face, respectively, of a (ill-SiC single crystal specimen deformed at a test 
temperature of 1.'{()()"(' and a strain rate of 1.:{ x 10 's"1 to a true longitudinal strain 
of 5.5'/,'. fig. >la. 1) and c show t lie engineering stress, (s) versus engineering strain (r) 
curves for some of the samples tested in uniaxial compression at various temperatures, 
at the fast strain rate of 1.3 x 10 's '. the interme<liate strain rate of (i.3 \ 10"''s '. 
and the slow strain rate of 3.1 x 10 's '. respectively. All these curves have been cor- 
rected for the machine compliance. All the samples deformed at the fast and intermedi- 
ate strain rate exhibited smooth yielding. The critical resolved shear stress for the sam- 
ples tested at these strain rates was assumed to be the stress value at the onset of 
nonlinearity in the engineering stress-strain curve. However, for the samples tested at 
the slow strain rate, the engineering stress-strain curves exhibited nonlinearities in the 
form of load drops at test temperatures of 000 V and above. To determine the origin of 
these load drops, 'two-step' slow strain rate compression tests were conducted at some 
selected temperatures as follows. In the first step, samples were compressed at the re- 
spective temperatures to about 75% of the stress value of the first stress drop observed 
in the initial tests at the same strain rate and temperature. These samples were then 
unloaded, cooled, and carefully examined using Nomarski optical microscopy to rule-out 
the existence of any plastic deformation (e.g. slip traces). Since the unloading curves of 
these samples were also very close to the iinear loading curve, one could be fairly con- 
fident that very little, if any, plastic flow had occurred. In the second step, these sam- 
ples wore then reloaded at the same strain rate and temperature to the point where they 

<2110> 

<0110> 

Fig. 3. Optical micrographs showing the slip traces on the a) (0110), and b) (211 10) side faces 
the sample deformed at a strain rate of 1.3 x HP' s"1 and a test temperature of 1300 °C 
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Fig. 4.    Engineering  stress-strain  curves  for 
the    compression     tests    conduct«! 
strain   rate  of a)   1.3 x 1()-'.   „) 
c) 3.1 x Kl-^s-' 

G.3 
at 

< 10" 

exhibited the first detectable load drop i„ the enginoering stress-strain curve   After 

:™pvanA.lTh g 'I SamPl^ th6y W6re again °bSerVed S Notnarski opt; a microscopy. All the samples tested m this 'two-step' fashion exhibited slip traces on 
the.r   aces after the first load drop, indicating the onset of plastic flow   Thu   Tr the 

beThecn^resof Hthn" ValUe °f the StreSS " th'S firSt bad dr°P COuld betulld o 
oL tested  there a S! T" * *"* ^^ teSt temPeratu- For all the sam- p es tested, there appeared to be a particular test temperature below which yielding was 
always accompanied by cracking, originating at the sample loadmg face These temper 

r^ctTeJv ' Ä70° and Ä600°C f°r thC ^ -rmediate and slow^ain ^ 

data L^t I T7 SllP SyStem °f 6H"SiC' determi»ed at the ^ree stram rates. Each 
data point in this figure represents one test.  It is clear from Fig. 5 that the critical 
resolved shear stress mcreases sharply at test temperatures below 700 °C   I i thetm 
perature range o  700 to 1300 °C the critical resolved shear stress drops gradually 

F,g^6 shows the effect of increasing the strain rate from 3.1 x 10-'' to G 3 x 10"'- s"' 
from 6.3 x 10- to 1.3 x 10- s"\ and from 3.1 x i0-< to 1.3 x 10-s-. It' s cl ar from 
this figure that ,n each case, the temperature dependence of Ar,  ts almost the si    " 
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400 1400 600 800 1000 1200 

Temperature  (*C) 

Fig. 5. Effect of test temperature on the critical resolved shear stress r,.(T) for the (0001) (2110) 

primary slip system of 6H-SiC 

the temperature dependence of the critical resolved shear stress r0 i.e. it follows the 
trends observed in Fig. 5. The effect of the change in the strain rate Ay on AT,, increases 
sharply at test temperatures below 700 °C. In the temperature range 700 to 1300 °C, 

this effect decreases gradually. 
To the best of the authors' knowledge, 550 °C is the lowest temperature at which 

monocrystalline 6H-SiC has been plastically deformed in a 'constant' strain-rate type 
test. The critical resolved shear stress required to activate basal slip (at. the intermediate 
strain rate) at this temperature is about 450 MPa, which is relatively low for deforma- 

tion of such a hard material at such a low temperature. 
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Fig. G. Effect of increasing the 
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1.3 x 10"4*"1. and from 3.1 x 10"'' 
to 1.3 x 10~4 s^1. on the critical re- 
solved shear stress Ar,.(T), for the 
(0001) (2110) primary slip system 
of 6H-SiC 
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3.2  Variations of Young's modulus With temperature 

™^^ *»«* — "™, 

-static experiments, i.e., from the s ope of2 T "*** CO™de^»'> f™, our 

recalled that these curves have been 00^^ "T ^ '" ^ 4a tü C & *ho»ld b<' 
a worthwile exerc.se because to the au ho' W 75 *"" '"^ ComPlia»«*)- Tins is 
tal variations of Young's ÄÄc^'"195 "* ^ rCP°rtS of-P-nnen- 
this exercise are shown in Fig 7 (0^"^ * 'r^" °f tem^™- The results of 
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The onlv report that the authors hav^e ^^ .C l° *9° GPaal '300 °C. 
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of h,gh density ß-SiC U«ZZ "J^^T1^ {K) and P°,SS°n'» rat'° M 
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able to provide the variations of the elastic S^^^H^' ^T aUtho™ ™ 
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modulus of 6H-SiC with temperature in the crystal orientation used in the present experi- 
ments. The results are also shown in Fig. 7. As seen, there is considerable deviation be- 
tween the two sets of data, specially at temperatures above 900 °C (we recall that the 
calculated values in Fig. 7 (solid circles) are valid only up to «1000°C, the maximum 
temperature to which Li and Bradt's [11] 3C-SiC data were measured). SiC starts becom- 
ing increasingly nonstoichiometric as the temperature increases above 1100 °C. and thus 
the temperature variations of the Young's modulus above this temperature may not corre- 
spond to those exptrapolated from Li and Bradt's [11] data. In brief, the results shown in 
Fig. 7 (open circles) have been deduced from static mechanical tests and thus give only 
approximate values for the Young's moduli. Dynamic tests, such as acoustic techniques, 
need to be employed to more accurately determine the effect of test temperature on the 
elastic constants, including the Young's modulus, of 6H-SiC. 

3.3 Activation enthalpy calculations 

Two basic methods for the analysis of activation parameters exist in the literature [1. 13 
to 17], The first method can be derived starting from Orowan's equation [15], 

where y is the shear strain rate, g the mobile dislocation density, 6 the magnitude of the 
Burgers vector, and v the dislocation velocity. 

The dislocation velocity in semiconductors can be expressed as 

f-H(z)\ 
V = Vt,CXP{l^)' (2) 

where r is the shear stress, H{x) is a stress dependent activation enthalpy, k the Boltz- 
mann constant, and T the absolute temperature. 

From equations (1) and (2) we have. 

y = y„expi-//(r)/fcr], (3) 

where y0(= gbv0) is a pre-exponential factor which might be stress and temperature 
dependent. Taking logarithms from both sides of equation (3), differentiating with re- 
spect to r, and rearranging 

dH{z)\ LT[9\ny\ 

The left-hand side of equation (4), i.e. the stress dependence of the activation enthalpy 
H is usually defined as the activation volume V, 

V = - 

Thus, 

V = kT 

d7L" (5) 

<91ny\ 

Fujita et al.  [1] suggested a variant of the strain rate jump test for measuring the 
activation volume V. whereby, at a particular strain y,. during a stress-strain experi- 

in 
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"•nit. the strain rate y, is suddenly changed by Ay( = y2-Yl) and the resulting stress 
change Ar(=r,-r,j is measured. The slope of the plot of In (y,/y,) versus 
AT (- r2 - r,) should then be proportional to the activation volume V. 

Once the activation volume has been determined, the activation enthalpy H can be 
«'Miniated by partial differentiation of equation (3) with respect to T under a given y 

<ir \dr)y    Q   \<rr (7) 

For strain rate- jump tests of the kind described above, and using equation (5) i, can be 
shown (1) that equation (7) reduces to 

// = -vr 
ST)r 

(8) 

However, since the compression tests conducted in the present studv were done on 
different samples for each different strain rate, the assumption of identical microstruc- 
tu res would be inappropriate. 

The second method for analyzing the activation parameters can be deduced from the 
lollowmg expression: 

y = r(" exp \-QlkT\. 
(9) 

where n is the stress exponent and Q the stress- and temperature-independent activa- 
tion enthalpy. 

For 'constant' strain rate type tests, similar to those in the present studv, equation 
(9) can be rewritten as follows: 

In rc. Q    -u   l   ,    ■ -£= + — In y . 
nkT      n (10) 

T(°C) 
B94 1156  977  838  727  636  560  496 

= 17 

O   1.3X10-1 s-1 

□  6.3x10"' s-' 
A   3.1x10"' s-1 

Fig. 8.  A   plot  of lnr,   versus   \/T 
following equation (10) 

111 



164 A. V. SAMANT, W. L. ZHOU, and P. PIROUZ 

Fig. 9. A plot of the variation of 
the stress exponent (n) as a func- 
tion of the test temperature follow- 
ing equation (11) 

400 600 800 1000 
Temperature (°C) 

1200 1400 

where the second term on the right-hand side of equation (10) is a constant. Thus, 
according to equation (10), a plot of lnrc versus 1/T should be linear with a slope of 
Q/nk. The stress exponent n can be calculated according to the following expression 
which can be obtained form equation (10): 

ln(*c,AcJ (ii) 

where rc, and rC2 are the critical resolved shear stresses at the two independent strain 
rates yl and y2 at the same test temperature T. 

Fig. 8 is a plot of the critical resolved shear stress rc versus the reciprocal of the abso- 
lute temperature T. It is clear that the linear relationship predicted by equation (10) is 
indeed observed for the fast and intermediate strain rates over the temperature range 
tested (550 °C to 1300 °C). However, for the slow strain rate tests (especially at tem- 
peratures of 1100 °C and above), there is considerable deviation from linearity indicating 
that equation (10) can no longer be used to estimate the activation enthalpy. For the 
fast and intermediate strain rates at temperatures up to 1300 °C, and for the slow strain 
rate at temperatures below 1100 °C, the average slope, (Q/n), is estimated to be 
(0.7 ±0.1) eV, whereas for higher temperatures at the slow strain rate, the slope is esti- 
mated to be (1.5±0.1)eV. Fig. 9 is a plot of the stress exponent (n) versus the test 
temperature T, calculated using equation (11) for the same strain rates. The average 
value of n is estimated to be 3.0 ± 0.7. Based on this analysis, the activation enthalpy Q 
was evaluated to be (2.1±0.7)eV for the fast and intermediate strain rates at 
T < 1300°C, and for the slow strain rate at T < 1100°C. At T> 1100 °C at the slowest 
strain rate, the activation enthalpy was determined to be (4.5 ± 1.2) eV. 

3.4  Transmission electron microscopy 

As the curves in Fig. 8 indicate, for the fast and intermediate strain rates, In rc varies 
linearly with 1/T over the range of temperatures studied (550 to 1300 °C) whereas at 
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the slowest strain rate there is a change in the slope of the curve above äI100°C. For 
this reason, samples deformed at a temperature below (900 °C) and above (1300 °C) this 
critical value («1100°C) were selected for TEM examination and comparison of the dis- 
location structure in them. 

Fig. 10a to c. from the sample deformed at 1300°C, shows a series of bright-field 
(BF) micrographs taken with reflections g, = 2110, g2 = 1210, and g3 = 1120. In 
Fig. 10a, taken with g = 2110, two dissociated dislocation lines have approached each 
other and interacted. Each of the dislocations consists of two partials. The dissociation 
is confirmed by Fig. lCd which was taken with the g4 = 1101 reflection, showing stack- 
ing fault contrast between the two partials of each dislocation. In Fig. 10b and c, one 
partial from each dissociated dislocation is out of contrast each time showing that the 
two partials of both pairs have the same Burgers vectors b, = i (1100) and b, = I [lOlO] 
where b, and bt are the Burgers vectors of the leading and trailing partial dislocations. 

fort!!!' ^'AS? fBF) mfcK*n,Ph8 from »»« (0001) primary glide plane of the sample de- 
formed a 1300, C at a strain rate of 3.1 x 10- s"> taken with the a) g, = 2110, b) g, = 1210, 
c) g3 - 1120, and d) g4 = 1101 reflections 

Zol 
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Fig. 11. Bright-field (BF) micrographs from the (0001) primary glide plane of the sample deformed 
at 900 °C at a strain rate of 3.1 x 10"° s"1 taken with the a) g, =2110, b) g2 = 1210, e) g:, = 1120. 
and d) g., = 1011 reflections 

respectively; as a result, the Burgers vector of each complete dissociated dislocation in 
Fig. 10 is b = i [2110] according to the following reaction: 

± [2Ü0]—i [1100]+i [1010]. 

Most of the dislocations observed in this sample proved to be complete dissociated 
dislocations of the type shown in Fig. 10. 

The other sample that was examined by TEM was the one deformed at 900 °C. As 
expected, the density of dislocations in this sample was much lower than the one de- 
formed at 1300 °C. In fact, large areas had to be examined by TEM before dislocations 
could be found. When found, the dislocations in this sample usually appeared singly and 
not, like the ones seen in Fig. 10a, as pairs. This could either mean that the observed 
dislocations in the 900 °C deformed sample are complete and undissociated, or that they 
consist of a single partial with the complimentary partial not present in the viewing 
area. A typical dislocation in this low-temperature deformed sample is shown in Fig. 11 a 
to c under g, = 2110. g2 = 1210. and g3 = Il20 reflections, respectively. Note that the 
dislocation is in contrast with two reflections of the type g = 1210 and is out of contrast 
with the third one (g = 1120). This is only consistent with a partial dislocation witli 
bp = 1 [1100]; a complete dislocation of the type b = \ (2110) would have been in con- 
trast  under all  three reflections.  Fig. lid,  taken  with  the reflection g, = 1011  shows 

2oL 



Effect of Test Temperature and Strain Rate on tile Yield Stress Hi i 

stacking fault on one side of this dislocation and confirms that it is indeed a partial. The 
question now arises as to whether this dislocation is one of the partials (leading or trail- 
ing) of a pair where the complimentary (trailing or leading) partial is far from it and out 
of the viewing area, or whether the dislocation is a single leading partial that has nu- 
cleated without its complimentary trailing partial having ever been nucleated. This ques- 
tion cannot be answered at present but some work on 4H-SiC [18] has shown that, 
under certain conditions of deformation, leading partial dislocations can nucleate singly 
without the associated trailing partials having a chance to nucleate. 

The fact that the dislocations in the sample deformed at 1300 °C consist primarily of 
complete (albeit dissociated) dislocations, whereas the dislocations in the sample de- 
formed at 900 °C arc primarily partials. may explain the deviation from linearity at 
temperatures above «1100°C for the tests conducted at. the slowest strain rate (see 
Fig. 8). Since the Burgers vectors of the complete dislocations (b = ^ (2110)) is \/3 times 
larger than that of the partial dislocations (b,, = \ (1010)), the glide of perfect disloca- 
tions produces a larger strain at a particular stress. Conversely, the same strain can be 
produced at a lower stress when the deformation is produced via the glide of perfect 
rather than partial dislocations. 

It is interesting to note that in Fig. 8. the slope of the In r,. versus \/T curve for the 
slow strain rate tests at temperatures below =sll00°C, is roughly the same as that of 
the curve for the intermediate and fast strain rate tests. It is well-known that the effect 
of increasing the strain rate in a deformation test is equivalent to lowering the test 
temperature, and vice versa. Thus, it is possible that the dislocations responsible for 
plastic strain in the fast and intermediate strain rate tests, like the low temperature 
regime (i.e. at temperatures less than «1100°C) for the slow strain rate tests, are also 
single partials. 

In [18 to 20], evidence has been presented that in semiconductors, the leading partial 
is the one which has a lower activation enthalpy and thus nucleates before the trailing 
partial dislocation, which has a higher activation enthalpy. Moreover, at lower tempera- 
tures, if the applied shear stress is not sufficiently high, the trailing partial may not 
nucleate at all, and the leading partial may glide singly with a stacking fault trailing 
behind it. Thus, in the present experiments it is possible that for the intermediate and 
fast strain rate tests, and also for the slow strain rate tests at temperatures lower than 
«1100°C, the deformation takes place primarily by nucleation and glide of the more 
mobile leading partial dislocations only. The change at =sll00°C in the slope of the 
slow strain rate test curve (Fig. 8) may then correspond to a change in the activation 
enthalpy. Thus, the lower activation energy at T< 1100 °C may correspond to the glide 
of only the leading partial dislocation, whereas the higher activation energy at 
T> 1100°C may correspond to the glide of a complete dislocation which is controlled 
by the mobility of the slower trailing partial. 

It was further shown in (18 to 20] that the more mobile partial dislocations in SiC have a 
silicon core [Si(g)] while the less mobile partial dislocations have a carbon core (C(g)). The 
fact that the activation enthalpy of (2.1 ± 0.7) eV for the fast and intermediate strain rate 
tests calculated from Fig. 8 and equations (9) to (11), is approximately the same as that 
for glide of dislocations in elemental silicon [13], suggests that, in this temperature-strain 
rate regime, we might in fact be measuring the activation enthalpy for glide of the Si(g) 
partial dislocation in SiC, and that this partial has approximately the same activation 
enthalpy as that of the leading partial dislocation in elemental silicon. After all, the activa- 
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tion enthalpy for the glide of Si(g) dislocations in both SiC and Si is primarily determined 
by the strength of the Si-Si bond in the reconstructed dislocation core [21]. 

Additional deformation tests need to be conducted in the 1100 to 1300 °C tempera- 
ture regime at the slow strain rate, in order to determine whether the In rr versus 1/T 
curve is linear with a higher slope in this temperature regime. In addition. TEM experi- 
ments are continuing to determine the nature of the dislocations in the samples de- 
formed at the intermediate and fast strain rates. 

4. Conclusions 

1. The critical resolved shear stress r,. for basal slip in 6H-SiC increases sharply at 
test temperatures below 700 °C and drops gradually in the 700 to 1300 °C temperature 
range. 

2. rr varies between 5 and 450 MPa in the temperature range of 1300 to 550 °C and a 
strain rate range of 3.1 x 10"r' to 1.3 x 10~A s"1. 

3. In the easy slip orientation chosen in the present study, 6H-SiC can be plastically 
deformed to relatively large plastic strains at test temperatures as low as 550 °C, via the 
application of modest resolved shear stresses (450 MPa at the intermediate strain rate) 
on the basal plane. 

4. From all the tests, the stress exponent, n, was estimated to be 3.0 ± 0.7. For the 
intermediate and fast strain rates at temperatures up to 1300 °C, and also for the slow 
strain rate at temperatures below «1100°C, the activation enthalpy was estimated to 
be (2.1 ±0.7) eV. In contrast, for the slow strain rate at temperatures above «1100°C. 
the activation enthalpy was estimated to be (4.5 ± 1.2) eV. 

5. At the slow strain rate of 3.1 x 10~5 s-1, deformation possibly occurs by dissociated 
complete dislocations above «1100°C and by single leading partial dislocations below 
«1100°C. 

6. The Young's modulus of 6H-SiC. as determined from experimental engineering 
stress-strain curves, decreases from «330 GPa at 550 °C to «90 GPa at 1300 °C. 
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On deformation and fracture of semiconductors 
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ABSTRACT: Recent experiments on deformation of semiconductors show an abrupt 
change in the variation of the critical resolved shear stress with temperature. This implies a 
change in the deformation mechanism at a critical temperature 7",. In the cases examined so 
far in our laboratory and elsewhere, this critical temperature appears to coincide 
approximately with the brittle-ductile transition temperature of the material. In this paper. 
we describe TEM investigations that have been performed on the wide bandgap 
semiconductor, SiC, deformed at temperatures below and above T. in order to understand 
the change of mechanism. Based on these deformation and TEM experiments, suggestions 
are made as to the different mechanisms operating at low and high temperatures in 
semiconductors, and a possible relation between Tc and the brittle-ductile transition 
temperature in these materials. 

1. INTRODUCTION 

Recently, Suzuki et al. (1998, 1999a,b) have re-measured the variation of yield stress. i>. 
of a few semiconductors (InP, GaAs, and InSe) as a function of temperature, T, and find a 
break at a critical point (rc,Tc) in the ?y<7") plot. Instead of a single curve with a smooth 

increase in the slope of the T^T) plot with decreasing temperature, the new r^D plots appear 
to consist of two segments with different slopes. This transition appears perhaps more clearly 

in a plot of ln(ZY) versus 1/T, usually linear with a slope proportional to the activation energy 

for dislocation glide in the material. In the new experiments of Suzuki et al. (1999a). the 

ln[r,< 1/D] plot is separated into two straight lines with different slopes joined at Tr Similar 
results were found by Samant (1999) in two wide bandgap semiconductors, 4H and 6H SiC. 
In all cases mentioned, the slope of the ln[ty(l/r)] linear plot is smaller in the low-temperature 

regime (T<TC) than that in the high-temperature regime (T>Tt). Also, intriguingly. in every 
case, this critical transition temperature in T^T) or ln[zy(l/7")] is close to the brittle-ductile 

transition (BDT) temperature, TBDT, of the semiconductor (Pirouz et al. 1999). 

2. EXPERIMENTAL RESULTS 

2.2. Temperature-Dependence of the Yield Stress 

The yield stress. TK, of two SiC polytypes, 4H-SiC and 6H-SiC, was measured in the 
temperature range ~550-13OO°C under different strain rates. The most relevant results to the 
present work occur at the slowest strain rate. 3.1xlO'5 s'1, for both polytypes. The results are 
shown in Fig. 1(a) and 1(b) in terms of a plot of ln(TK) versus 1/T. It can be seen that each 
plot is divided into two linear regimes with different slopes separated at a critical temperature. 
T = 1100±100°C. The fact that the plots are linear indicates that the kink pair mechanism can 
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be applied to both regimes, albeit with different activation energies tor dislocation glide. In 
the low-temperature regime, 550°C<7"<7"f, the slope of the plot for both 4H-SiC and 6H-S1C 
corresponds to an activation energy for dislocation glide of 2.1±0.7 eV. In contrast, in the 

high-temperature regime, T>TC, the slope of the plots for both materials corresponds to an 

activation energy of 4.8±1.8 eV. It is noteworthy that an activation energy of -2 eV 
corresponds to that for dislocation glide in elemental silicon while an activation energy of -4 
eV corresponds to that for dislocation glide in diamond. Interestingly, the cores of the two 30; 

partials of a dissociated screw dislocation in SiC are Si(g) and C(g). 
20 

14 

(a) 4H-SiC (b) 6H-S1C 

6       7       8       9     10      11     12     13   6       7        8       9       10     11      K 
l/T(Kl) 1/T(K>) 

Fig.  1. ln( TK) versus 1/T for (a) 4H-SiC. (b) 6H-SiC. 

2.2. TEM of the Deformed Samples 

The dislocation configurations of the deformed 4H-SiC and 6H-SiC crystals were 
investigated by TEM. From samples deformed above 7"c. (1300°C for 4H and 1350CC lor 6H- 
SiO and below Tc (750°C for 4H-SiC and 900°C for 6H-SiC). slices were cut parallel to the 
primary slip plane, (0001). From these slices, three TEM specimens each were prepared and 
investigated in a Philips CM20 at 200 kV using bright-field (BF). weak-beam dark-field (WBl 
and LACBED. The results of these experiments were as follows. The dislocations in all UK- 

samples deformed above Tc (three each for 4H-SiC and 6H-SiC)  were   7(1120)   I0,ai 

dislocations, albeit dissociated into two -(1T00) partials according to the following reaction: 

-(\ 120) -»i{ioTo)+-(oiTo) 

This is shown in Fig. 2 for both 4H- and 6H-SiC. 

Fig.   2.   BF TEM micrographs of dislocations in (a) 4H-SiC.  (b) 6H-SiC  induced by 
deformation at T>T... 
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By contrast, in all the TEM specimens of 4H and 6H-SiC deformed at temperatures below 
T that have been investigated, the dislocations were predominantly, but not exclusively. 

-(lOTo) single leading partials, bordered on one side by a staking fault (Fig. 3). 

Fig. 3. BF TEM micrographs of single leading dislocations in (a) 4H-SiC, (b) 6H-S1C 
induced by deformation at T<TC. 

In no case was it possible to observe the trailing partial, i.e. the stacking fault either 
disappeared in the hole within the foil, or extended to the thicker parts of the specimen where 
the contrast became too weak to be observed. The nature of the single partial in the case ot 
deformation at T<TC was determined by the LACBED technique (Ning and Pirouz 1996). In 
the three cases examined, the partial was found to have a silicon core in 4H-SiC (Fig. 4). 

Fig. 4. Partial dislocations in 4H-SiC (a) BF (b) LACBED of the circled segment. 

3.   DISCUSSION 

3.1. The transition in the yield stress versus temperature curves 

It mav be assumed that to nucleate a dislocation half-loop at a surface (or at a crack tip 1. 
the applied stress must overcome primarily the attractive image force and that this is easier at 
an ed»o heteroeeneitv, such as a surface step (or a ledge at a crack tip). Recently. Brochard ct 
id. have compared the nucleation of the leading and trailing Shockley partial dislocations trom 
a surface step in tetrahedrally coordinated cubic materials (Brochard. Junqua and Grilhe 
l'WSa) takin« into account the possiblv different mobilities of the two partials of a disunited 
dislocation (Brochard. Rabier and Gnlhe 1998b). They found that both the mobility ot ilk- 
partial as well as the average friction force (=velocity/mobility) opposing its motion arc 

important in the nucleation ofthat partial, and that over a wide range of the T-7 plane 1 where 7 
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is the stacking fault energy), the stress necessary to nucleate a partial dislocation of higher 
mobility is lower. Although the model of Brochard et al. (1998b) does not take into account 
any activation energy, it is expected that thermal activation will decrease the stresses required 
for dislocation nucleation, and that the value of the activation energy will be different for the 
two partials. Conversely, it can be said that at a fixed value of stress, the two partials will be 
nucleated at different temperatures, with the more mobile dislocation havirtg a lower activation 
energy and nucleating at a lower temperature. 

We therefore propose that, at temperatures below Tc, only the more mobile dislocations, 
assumed to have a lower activation energy, are nucleated (as the leading partials). and 
deformation occurs primarily by their glide on different planes. This is despite the fact that 
creation of a stacking fault (of energy y) by the leading partial creates an additional force (=y/b) 
for the creation of the trailing partial. In fact, we propose that the trailing partials only start to 
nucleate at the critical temperature Tc when the thermal energy becomes sufficient. Thus. 7" in 

Fig. 1. and in the TY(r> plots of Suzuki (1999), is identified with the temperature at which a 
transition in the deformation mode of the material takes place: deformation by glide of single 

leading partials at T<TC versus glide of total dislocations at T>TC. This may be valid for all the 
tetrahedrally coordinated materials with a deep Peierls valley. 

3.2.  Brittle-Ductile Transition (BDT) 

Since in the five semiconductors for which a transition in the plot of TY(T) has been 

observed, the transition temperature, Tc, roughly coincides with the BDT, it is possible that 7", 
and Tl!f)T are also related. To expand on this point, we shall start with a brief description of 
the Hirsch and Roberts (HR) model for the BDT (Hirsch, Roberts and Samuels 1989. Hirsch 
and Roberts 1991) that is able to explain most of the experimental features observed in the 
fracture of silicon (Samuels and Roberts 1989). Two important features of the BDT in 
semiconductors are that, for a given geometry: (i) the value of the transition temperature in 
dislocation-free and non-prestrained crystals is very sharp, and (ii) the strain-rate dependence 
of TIIDT has an activation energy close to that of the dislocation velocity in the material. 

The HR model is based on the shielding of the crack front by the dislocations nucleated 
there (Lin and Thomson 1986). It can be explained by means of Fig. 5(a) that shows a crack 
front under Mode III (Hirsch et al. 1989), or Mode I loading (Hirsch and Roberts 1991). 
Under the applied stress intensity factor K, dislocations can be nucleated only at special sites, 
e.g. X and Y, along the crack front. Dislocation loops of Burgers vector, b. are emitted when 
K reaches a critical value K„, for the first loop, and Ka for the subsequent loops. The value of 
K„ is assumed to be very close to Klc, the critical stress intensity factor, and much larger than 
that of K„; typically KS=Q.2K,C and K~ 0.9Klc. The dislocation loops so formed shield the 
crack   tip   and   reduce   the   effective   stress   intensity   factor  on   it   to   a   lower   value 

K n = K ~^Kj = K -£      1A|   (for the simpler case of Mode III),  where K, is the 
j     (2**;)      " 

shielding effect of a dislocation loop (summed over all the loops), fi is the shear modulus, and 
. the distance of they'th dislocation from the crack tip. 

Fig.   5.    Nucleation of (a) total, (b) partial dislocations at special sites (shown by solid 
circles) along a crack front: the solid square is a point in the initially dislocation-free zone. 
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The main feature of the HR model is that the crack front will propagate catastroph.cally it 
the increasing (under constant K) applied stress intensity factor K increases Kcl] to the critical 
value. K,.. unless the emitted dislocations shield the whole of the crack front, i.e.. points X 
and Y (that are shielded from the start of dislocation nucleation) as well as pom s such as Z 
(that are not initially shielded). It is important that sites such as Z. that atc initiah) n a 
dislocation-free zone, become shielded by the expanding dislocation loops around points X 
and Y. In this case, the effective stress intensity factor. Kel, becomes less than A, 
everywhere along the crack tip, for all values of the applied stress intensity tactor u > tcthe 
value at which macroscopic yield takes place. According to the HR model, the sharp yield 
point in silicon arises because of nucleation events, whereas the strain-rate dependence 0t / 
s explained by the time taken for the nucleation events to occur along the f™**™™-™™ 

time taken for the expanding dislocation loops to shield all the points along the crack tront 

tr0Usina
2
Cme8sa^e equations and terminology as the HR model, let us now consider a crack 

tip under an increasing K at temperatures lower than T, In this case, it is suggested that onl> 
leading partial dislocation loops, with a Burgers vector, b can be nucleated a teterogeneu.es 
te.a.. ledees) along the crack front, e.g., at sites such as X mid Y in F,g. 5 b) At each suh 
s,te. a partial dislocation loop is able to nucleate only once after which ,t will expand until he 
resolved shear stress on it due to the applied stress intensity factor, K. is balanced by the me 
tension/stacking fault/image stresses. Inevitably, the leading partial will drag a stacking tauk 
behind it (shown shaded inside the loops in Fig. 5(b)) and. more importantly, shu toll the 
source leaving a single partial loop that will not be able to effectively shield the crack tip. As a 
result the shielding of the crack tip is very limited and the effective stress intensity factor, k 
on the crack tip (given by Keff = K - Kd = K - &, A/S? for Mode III) is nearly the same as the 
applied K. Because of the lack of effective shielding, the crack front will propagate 
catastrophicallv as soon as preaches Kk under the increasing K (at a constant K). 

At a temperature higher than TBDT [Fig. 5(a)], a trailing partial immediately follows the 
nucleation of the leading partial to form a total dislocation loop, with a Burgers vector b 
Now. however, since the stacking fault has been removed by the trailing partial, the source 
can remain active and further dislocation loops can form and expand as long as the back stress 
of the initial dislocation loops does not reduce the stress to a value below that requiredtor 
nucleation. The situation is now somehow similar to that described by Hirsch and Robert 
(1991). Under these conditions, an avalanche of total dislocation loops form that can shield 
the crack tip effectively, maintaining Ktff at a value less than Kh. up to the value at which 
macroscopic yield takes place (i.e. to the value of K corresponding to the shear stress TV). 

However, if, as we suggest, Te does in fact coincide with TDBr. then nucleation. rather 
than mobility, of dislocations probably controls the BDT, in some ways, similar to the onginal 
Rice-Thomson model (1974). To clarify this point, consider Model B in Hirsch and Robert 
(1991). i.e. the case where the starting crystal is basically dislocation-free  corresponding to 
the experiments of Michot and George (1989), and Brede and Haasen (1988)). 

In the HR model, it is assumed that dislocations are emitted at a few special sues along the 

crack fP (e.g. at ledges) spaced d'cn, apart at values of K=KS<KU. Subsequently, loops 
emitted from these sites help to activate nucleation from other, more difficult, sites along the 
crack front because of the anti-shielding stresses ahead of these dislocation^ loops. The 

separation between these secondary nucleation sites is assumed to be </,.„, (« </',„) • In this 

model, the condition for the BDT is that the loops from the original sources must have 

traversed a distance [d'cru -d{rlt). This is when the applied K reaches K„ (with K.. just below 

K, ) such that the dislocations nucleated at the secondary sources have time to traverse </-.,.„ 
and shield the whole crack front before the applied K reaches Kh. Since the etfective shielding 
of the crack tip depends on how quickly a sufficient number of dislocation loops can lorm and 

expand to allow the shielding of the crack tip, dislocation velocity. v = Ax'" cxp(-L!/kT). 
plays a predominant role in this model. As Hirsch and Roberts 11991) show, the slope ot the 
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linear plot of ln( K) versus UTBDTis the same as the activation energy for dislocation glide. I. 
and TnnT will depend on the strain-rate because the dislocation velocity is stress-dependent. 

Within the present speculation, the sudden formation of an avalanche of full dislocations 
at T. (=TBDT) releases the stored elastic energy required for further propagation of the crack. 
The" AT-dependence of Tc comes from the assumption that nucleation of a (partial) dislocation 
depends on the rate of change of shear stress with time. T. This is not unreasonable because 
the upper yield point, -t" , in semiconductors, which is probably also controlled by the start ot 

dislocation nucleation events in the crystal, is a sensitive function of the strain rate, e. and 
thus of t. A simple starting point is to assume that the time, r, for a partial dislocation halt- 

loop to nucleate from the crystal surface under an applied shear stress, T, is given by 
/ = (l/v0)«p(A£-Ta/jtr),whereaandv0arethe atomic volume and vibration frequency, 

respectively. Equating t with the time (K,JK) to reach Klc gives the K-dependence of TBÜT. 

a linear variation of ln(/0 with UTBDT with a slope (AE-aKlcQ.) where z=aK (a is a 
geometrical factor). Thus, the present model suggests an approximate equivalence of the 
stress-dependent activation energy for dislocation nucleation. (A£ - xQ.), with U. 

4. CONCLUSION 

It is proposed that deformation of semiconductors at low temperatures (T<TC) takes place 
bv the nucleation and glide of single leading partials dragging a stacking fault behind them. 
This, together with the low mobility of the partial dislocations at low temperatures, gives rise 
to very limited plasticity. Also, the very limited shielding of crack tips results in a brittle 
behaviour at temperatures below Tc. Above the critical temperature. 7",, both partials can be 
nucleated and deformation of the semiconductor takes place oy the glide of total dislocations. 
In this case, plasticity is extensive and, provided that the dislocations are sufficiently mobile, 
crack tips can be shielded resulting in a ductile behaviour. 
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ABSTRACT 

Bulk single crystals of 4H-SiC have been deformed in compression in the temperature range 
550-1300°C, whereas a GaN thin film grown on a (0001) sapphire substrate was deformed by 
Vickers indentation in the temperature range 25-800°C. The TEM observations of the deformed 
crystals indicate that deformation-induced dislocations in 4H-SiC all lie on the (0001) basal plane 
but depending on the deformation temperature, are one of two types.  The dislocations induced by 

deformation at temperatures above -1100°C are complete, with a Burgers vector, b, of —(l 120) 

but are all dissociated into two -(lOlo) partials bounding a ribbon of stacking fault. On the other 

hand, the dislocations induced by deformation in the temperature range 550<T<--1100°C were 
predominantly single leading partials each dragging a stacking fault behind them. From the width 
of dissociated dislocations in the high-temperature deformed crystals, the stacking fault energy of 
4H-SiC has been estimated to be 14.7+2.5 mj/m2. Vickers indentations of the [0001]-oriented 
GaN film produced a dense array of dislocations along the three <1120> directions at all 
temperatures. The dislocations were slightly curved with their curvature increasing as the 
deformation temperature increased. Most of these dislocations were found to have a screw nature 
with their b parallel to < 1120>. Also, within the resolution of the weak-beam method, they were 
not found to be dissociated. Tilting experiment show that these dislocations lie on the j 1100} 
prism plane rather than the easier (0001) glide plane. 

INTRODUCTION 

SiC, GaN. and alloys of the latter, are wide bandgap semiconductors showing considerable 
promise for high-temperature and optoelectronic applications [1,2]. Recent advances in crystal 
growth have resulted in the production of single-crystal, single polytype, SiC boules [3] and very- 
nearly single crystalline GaN thin films [2]. In spite of their widespread interest, the deformation 
behavior and microstructure of these materials have not been studied in sufficient detail. 

The most common polytypes of SiC are 6H and 4H; these are now produced commercially in 
boule form and are available as wafers. The stable ambient form of GaN has a 2H structure, and 
thin films of the metastable 3C (cubic) polytype can also be grown by CVD on certain substrates. 
All the polytypes of SiC and GaN are tetrahedrally coordinated and consist of two variants of a 
basic tetrahedron: normal, T, and twinned, T'\ each of these variants can occupy three spatial 
positions, T,, 7\, and T} (or 7";, 7"2, and T'3) (for details, see, e.g. [4, 5]). They predominantly 
exhibit hexagonal symmetry, denoted by H in the Ramsdell notation [6], e.g. 2H (wurtzite), 4H, 
6H or, in general, 2/iH (where n is an integer), or rhombohedral symmetry, denoted by R in the 
Ramsdell notation, e.g. 15R or, in general, (2n+l)R. The 3C (zincblende) polytype is a subset of 
the rhombohedral polytypes and is unique in that it consists of only one tetrahedral variant (either 
all normal, T, or all twinned, 7", tetrahedra) and additionally exhibits cubic (C) symmetry. Fig. 1 
shows the <1120> projected structure of 4H-SiC and 2H-GaN with tetrahedral sequences 
...T,TtT',T'y.. (periodicity of four) and ...T,T'3... (periodicity of two), respectively. The 
structure of each polytype can also be considered in terms of stacking of widely-spaced double 
planes aA. ßB and yC where a, ß, 7 represent basal planes of carbon or nitrogen (silicon or 
gallium) atoms and A, B, and C represent interleaved parallel planes consisting of silicon or 
gallium (carbon or nitrogen) atoms.   Thus, the structure of 4H-SiC and 2H-GaN may also be 
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described in terms of the stacking sequences ...aAßBaAyC... and ...aAyC..., respectively. 
Note that all SiC and GaN polytypes are polar along the c-axis: the [0001] direction is distinct from 
the opposite [OOO 11 direction. 
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Fig. 1. The structure of (a) 4H-SiC and (b) 2H-GaN 

The aim of this work is to investigate the deformation-induced microstructure of bulk 4H-SiC 
single crystals and a 2H-GaN thin film as a function of temperature using transmission electron 
microscopy (TEM). The dislocation structure is discussed based on the differences in the core 
structure of partials as well as the slip planes on which the dislocations lie. 

EXPERIMENTAL PROCEDURES 

The bulk 4H-SiC single crystals used in this study were grown by the modified sublimation 
technique (3). Parallelepiped specimens with nominal dimensions 2x2x4 mm' were oriented and 
cut for single glide such that one pair of their lateral faces was parallel to { 1100 }, and the (0001) 
basal plane made an angle of 45° with respect to the compression axis. The samples were 
compressed at 550-1300°C in ultra-high purity argon to a strain of -4-6%. On the other hand, the 
GaN film was grown by molecular beam epitaxy (MBE) on a (0001) sapphire substrate and was 
deformed by Vickcrs indentation in the temperature range 25-800°C.   The indentation diagonals 
were aligned along the < 1120> and (l TOO) directions on the (0001) surface of the film. From the 
deformed samples, 0.3 mm thick slices parallel to (0001) plane were sectioned with a diamond 
wheel cutter. Subsequently, the slices were ground with emery paper to a thickness of -100 urn. 

then dimpled to a thickness of -20 ßm, and ion-milled to electron transparency at a voltage of 5 k V 
at an angle of -15°. GaN thin films were prepared by back-side thinning with the foil surface 
normal to the [0001 ] direction from the sapphire substrate side. The thin TEM foils were examined 
in a Philips CM20 electron microscope operating at an accelerating voltage of 200 kV. 
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RESULTS  AND DISCUSSION 

The easy slip plane of hexagonal and rhombohedral polytypes is (0001) and the dislocations 
have a perfect b=l/3<l 120 > Burgers vector [7]. As in other tetrahedrally-coordinated structures, 
these dislocations are dissociated into two partials with Burgers vectors b,= l/3<l010> and 
b = l/3<0110>, where the subscripts / and t denote the leading and trailing partials, respectively. 
The dislocations dissociate as follows: 

1/3<1120>= 1/3<1010>+ 1/3<0110> 
In tetrahedrally coordinated compounds, because of the polarity along the [0001 ] axis, the core of 
the perfect or partial basal dislocations consists of only one species, i.e. silicon (gallium) or carbon 
initroeen), and. because the partial dislocations belong to the glide plane, they are denoted as Si(g) 
[Ga(g)|orC(g)[N(g)] [81. 

4H-SiC 

Fig. 2 shows typical bright-field (BF) micrographs of 4H-SiC deformed in compression. 
Both micrographs in this figure were obtained using the g=10ll reflection near the [1012] zone 
axis. Samant [9] has recently shown that plastic deformation of 4H-SiC above -1100°C takes 
place by the activation of the (0001)<11 20> slip system with the uncorrelated motion of partial 
dislocations. This is clearly shown in Fig. 2(a) where dissociated dislocations, consisting of a pair 
of leading/trailing partials bounding a ribbon of intrinsic stacking fault, are observed. Standard 
strain contrast experiments indicate that, as expected, the Burgers vectors of the partials are. 
respectively, parallel to <1100> and < I0l0> directions. 

SHMMHHH   b 

Fij». 2- TEM micrograph of 4H-SiC deformed in compression (a) at 1300T and (b) at 700°C 

From the width of partial separation, the stacking fault energy of 4H-SiC has been estimated to be 
14.7+2.5 mJ/m:; this value is nearly five times larger than that (2.9±0.5mJ/m:) of 6H-SiC 
obtained by the same techniques [10]. 

Fig. 2(b) shows a BF micorgraph of dislocations induced by deformation at 700°C. In this 
case, the microstructurc is dominated by single leading partials without the associated trailing 
partials: each partial drags a stacking fault. The Burgers vectors of the single leading partials are 
all parallel to the <ll00> directions, and LACBED experiments on three different segments have 
shown that they have a silicon core (i.e. they are Si(g) partials) [11]. Thus, it appears that in the 
4H-SiC single crystals, deformation proceeds by nucleation and glide of single leading Si(g) 
partials at low-temperatures (<-l 100°Q. whereas it proceeds by the generation and glide of total, 
although dissociated, dislocations at high temperatures (>-l 100°C).   It has already been argued 
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[121 that only the leading partials. with a silicon core, nucleate at low temperatures «~l 100°O 
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2H-GaN 

Fig. 3 shows a (a) plan-view and (b) cross-sectional micrograph of the as-grown GaN 
specimen .betöre defoliation). As shown by various authors (see. e.g., [13. 14]) there is a high 
tZL       H admg dlsl0CatT in such fiims: ™™ are those connected to misfUdislocat o 

l™, ,h   someSenerated t0 accommodate the tilt and twist misorientation of neighboring 
domains in the granular structure ot the film. The plan-view micrograph in Fig 3(a) with the 
inserted [0001] SADP. shows the typical cell structure of the film with ttegrain boundary 
dislocations defining the cell boundaries. They are mostly aligned along the <11 20> directions 
that are the Peierls valleys in non-cubic tetrahedrally-coordinated crystals. The cross-sectional 
micrograph in Fig.3(b) shows that the thickness of the GaN film deposited on the (0001) sapphire 
substrate is approximately 2 m. The dislocations in this micrograph are mostly parallel to the c- 
axis. i.e.. to the growth direction. Standard g.b=0 invisibility criterion shows that most of the 
d'slof'|?"s area"tyPe edSe dislocations with a Burgers vector parallel to the [1120] direction 
The SADP obtained from an aperture covering both the 2H-GaN and the sapphire substrate shows 
the orientation relationship to be [11 20]GaN//[ ll00],ap, (ll00)GaN//(l 1 20)!ap. 

Fig. 3. (a) plan-view and (b) cross-sectional micrograp    of the as-grown 2H-Gai> 

Fig. 4 shows micrographs taken under different reflections from the same region of a 
specimen indented at 450<t. From these, and micrographs taken under other reflections the 
Burgers vectors of dislocations were determined. Practically all the dislocations appear under 
reflections ot the type g=1120 shown in Fig. 4(a). In this micrograph, the short segments are 
projections ot threading dislocations (lying along the c-axis) in the film, while the dislocations 
denoted by symbols A and B aligned along the <I120> directions, are newly-generated 
(presumably by indentation) dislocations that are parallel to the (0001) plane of the film. 
Dislocations denoted by A are in contrast when imaged with reflections of the type g= lloo (Fig. 
4(b)). while they are out of contrast when imaged with reflections of the type g= 1010 (Fig 4(c)) 
On the other hand, dislocations denoted by B are out of contrast when imaged with reflections of 
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the type g= 1100 (Fig. 4(b)) and are in contrast with reflections of the type g=l010 (Fig. 4(c)). 
These and other micrographs indicate that dislocations A and B have Burgers vectors parallel to 
[1120] and [1210] directions, respectively. Since, the line directions of dislocations A and B are 
parallel to their Burgers vectors, it is concluded that all the indentation-induced dislocations have a 
perfect screw character. 

OT2* lif"- . 

Fig. 4. TEM micrograph of a 2H-GaN indented at 450°C; imaged by reflection (a) g= 1120,   (b) 
g=ll00 and(c)g=10I0 

Since two different polytypes (2H and 3C) have often been observed in GaN, it would be 
expected that this material has a relatively low stacking fault energy and, consequently, that, as in 
4H-SiC, all the basal dislocations in the GaN film would be dissociated into two partiais. Indeed, 
recent weak-beam TEM of GaN powder deformed by pulverization shows that basal dislocations 
in this material are dissociated into two partiais with a width of 3-8 nm. corresponding to a 
stacking fault energy of -20 mj/m' [15]. However, this is not the case in the present experiments; 
despite many attempts using the weak beam technique of TEM, no evidence of dissociation was 
found for any of the dislocations in the deformed film that were parallel to the basal plane. An 
example is shown in Fig. 5 which is a g/3g weak-beam micrograph (with g= 1120) from a GaN 
film indented at 300°C; all the dislocations appear as single lines and not as pairs. 

One possibility for the non-dissociation of basal 1/3<1120> screw dislocations in Fig. 4 
could be that they actually lie on the ( MOO ) prism planes. Unlike the basal plane, the stacking 
fault energy on the prism planes is quite likely very high and the perfect dislocations, if dissociated 
at all on these planes, would have a small dissociation width (less than the resolution of the weak 
beam technique. -2.5 nm). In order to check for this, extensive tilting experiments were carried 
out in the microscope and the changes in the shapes of individual kinked dislocations were noted 
with tilting. Figure 6 shows a typical example observed with the incident beam (a) nearly normal 
(tilted by -5°) to the basal plane and (b) after tilting the foil approximately 35° away from position 
(a). Care was taken that the same region of the foil was imaged during the tilt. In (a), a super- 
kink pair is arrowed on an otherwise straight dislocation. In Fig. (b), the same super-kink pair has 
widened considerably after the foil has been tilted by -35° about the < 1120> axis.   This clearly 
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indicates that the dislocation is not lying on the basal plane (in which case, the super-kink pair 
would have shrunk with the tilt) and the results are consistent with the fact that it lies on the prism 
plane. This sort of experiment was performed on five? kinked dislocation segments lying parallel 
to the basal plane and, in all cases, the dislocations were found to lie on one of the three f 1100 ) 
prism planes. l ' 

Fig.   5.   Weak-beam TEM micrograph of the 2H-GaN deformed at 300°C using reflection 
g= 1120 close to the [0001] zone axis 

Two possibilities may account for these unexpected results. Under the complex stress field of 
the indentation, the 1/3<I 120> screw dislocations may have nucleated on (0001) basal planes 
where they would be dissociated; subsequently, they could have cross-slipped onto the prism 
planes by the Fnedel-Escaig mechanism. More likely, however, the deformation-induced 
dislocations were probably nucleated on the prism planes from the sample surface because of large 
shear stresses on these planes induced by the indentation. 

CONCLUSIONS 

The deformation-induced dislocations in 4H-SiC are all basal dislocations and are divided into 
two types. For deformations performed above ~1100°C. the dislocations are predominantly 
dissociated perfect dislocations, while in crystals deformed below -1100°C. the dislocations are 
predominantly single leading partials without their corresponding trailing partials From the width 
ol the dissociated dislocations, the stacking fault energy of 4H-SJC has been estimated to be 
I4.7±2.5 w7/«r\ 

In the GaN film. Vickers indentation produced a dense array of dislocations on the { 1100 ) 
prism planes: these dislocations lie along the three < 1120> Peierls valleys on these planes Most 
ol these dislocations were found to have a screw character and, because of the high stacking fault 
energy on the prism planes, they were not dissociated. 
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cTr^ta|SoT4HUseiC ^ ^ "^^^ (previ°Usly of Northrop-Grumman) for providing a single 

axfs 6' TEM micr0graph of deformed 2H-GaN (a) before and (b) after tilting around the [1120] 
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Recent deformation experiments on semiconductors have shown the occurrence of a 
break in the variation of the critical resolved shear stress of the crystal as a function of 
temperature. These and many other examples in the literature evidence a critical 
temperature at which a transition occurs in the deformation mechanism of the crystal. 
In this paper, the occurrence of a similar transition in two polytypes of SiC is reported 
and correlated to the microstructure of the deformed crystals investigated by 
transmission electron microscopy, which shows evidence for partial dislocations 
carrying the deformation at high stresses and low temperatures. Based on these results 
and data in the literature, the explanation is generalized to other semiconductors and a 
possible relationship to their brittle-ductile transition is proposed. 

I. INTRODUCTION 

The plastic deformation of semiconductors has been 
the subject of many studies, leading to a large amount of 
experimental data. It is generally agreed that the mobility 
of dislocations in these crystals is governed by the Peierls 
mechanism and can be described by kink, pair nucleation 
and migration.I_* The kink diffusion model5 has thus 
provided a basis for rationalizing the experimental 
results. This mechanism results in a strong temperature 
dependence of the flow stress, which has been mainly 
studied for temperatures above the brittle-ductile transi- 
tion (BDT) temperature. TllDT. 

In addition to deformation behavior, the BDT of ele- 
mental and compound semiconductors has also been 
extensively studied, particularly in the case of silicon6-9 

where it has been found to be very sharp for dislocation- 
free crystals and to extend over a temperature range of up 
to about 200 °C in crystals initially containing disloca- 
tions.10 In general, an important feature of the BDT tem- 
perature is that it sensitively depends on the strain rate" 
and. in semiconductors, this dependence has the same 
activation energy as the one associated with dislocation 
mobility (for a review, see George12). This has led to 
several models that relate the BDT to the mobility of the 
dislocations emitted by sources located at.713 or close 
to.''"' the crack tip. 

The lower temperature limit (set by the onset of brittle 
fracture) for experimental studies of the plastic behavior 

'e-mail: pirouz@cwmsd.mse.cwru.edu 

of semiconductors can be bypassed under certain experi- 
mental conditions, for instance, by prestraining the speci- 
men (which provides a supply of dislocations and 
enhances the plasticity of the crystal at low temperatures) 
and/or by using a confining pressure (that counteracts 
and reduces the tensile stresses at the crack tips). In 
addition, the lower the strain rate, the easier it is to initiate 
thermally-activated processes such as dislocation nuclea- 
tion and glide, and the easier it is to perform deformation 
experiments at lower temperatures. These conditions 
have been employed by researchers to study the defor- 
mation behavior of several semiconductors over a wide 
temperature range below the BDT. As shown in Sec. II. 
these experiments have revealed a transition between 
two deformation regimes, characterized by a break in 
the temperature dependence of the yield stress. The 
experimental results on SiC reported here, as well as 
results on other semiconductors from the literature, 
seem to indicate that this break occurs at a temperature 
close to the TBDT. 

In parallel, transmission electron microscopy (TEM) 
observations of the dislocation microstructure in 
deformed semiconductors have provided evidence for a 
different transition. In Sec. III. it is shown that in SiC and 
in other elemental or compound semiconductors, partial 
dislocations may be responsible for the plastic strain rate 
at low temperatures, approximately below TBDT. This is 
in contrast with the usual high-temperature behavior 
where both partials constituting total (perfect) disloca- 
tions are mobile under stress, and the latter are respon- 
sible for plastic deformation of the crystal. 
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Compared to the low-stress/high-temperature regime, 
the influence of two other factors on the dissociation state 
of perfect dislocations is enhanced in the high-stress/low- 
temperature regime. The first factor is the different 
resolved _shear stresses on the '/ft<112> Shockley partials 
of a '/:<110) perfect dislocation (or '/a<1010> partials of a 
'/i(U20> dislocation in hexagonal/rhombohedral crys- 
tals), which, under certain favorable orientations, induce 
an increase of the splitting width—an effect sometimes 
known as the "Escaig effect."14" The second factor that 
is enhanced at low temperatures is any difference in the 
intrinsic mobility of the leading and trailing partials (say, 
due to their different core structures); this also can 
result in a widening or shrinking of the stacking fault 
width. Although there is experimental evidence for such 
effects, as discussed in Sec. IV, they have not been mod- 
eled to date. 

The objective of the present paper is to suggest a 
model that identifies the three transitions mentioned 
above and explains both the break in the stress/ 
temperature curves and the BDT in terms of a transition 
in the nature of the mobile dislocations, total or partial. 
This model is presented in Sec. IV. Several arguments 
supporting it. and discrepancies to be clarified, are dis- 
cussed in the concluding section. 

II. EXPERIMENTAL EVIDENCE FOR A BREAK IN 
THE STRESS-TEMPERATURE PLOTS 

In general, a plot of the critical resolved shear stress, 
T,, as a function of absolute temperature. T. in semicon- 

ductors follows a variation shown schema 
Fig. 1(a). As shown in this figure, the extrapolai 
curve to 0 K gives the Peierls stress. ~p, for trn 
under consideration. The shape of this Ty(T) 
been widely discussed by Suzuki and coworke 
the basis of the Peierls mechanism. These autr 
that the Tr(T) of all the tetrahedrally coordina 
rials lies on a universal normalized plot of T, 

kT/Gb3, where G is the shear modulus and b is 
nitude of the Burgers vector of dislocations in tl 

A different way to represent the variations ol 
stress of the semiconductor with respect to temp 
to plot ln(T,,) versus  \IT, as suggested by 
diffusion model. In this case. Orowan's equati< 
plastic strain rate, 7, gives a linear plot with a 
is proportional to the stress-independent a 
enthalpy, H, for the glide of dislocations respo 
crystal deformation. Specifically: 

H      1 
lm> = —r^ + ~ [ln-y - In A]. 

nkT    n 

where n is related to the stress exponent of the d 
velocity and A is a constant (see. Ref. 4). 

Recently Suzuki et al.19 have plastically defc 
single crystals under confining pressure for a 
temperatures from -500 K down to -50 K. 
BDT temperature, TgnT, of InP is typically arou 
(a value that is sensitive to strain rate and init 
cation density), most of the new measurements 
the plasticity of InP in the brittle regime: previc 

T (a) T_ (b) 1 

FIG. I Schematic variation of the critical resolved shear stress, T,, with temperature. T. (a) The usual plot reported tor semiconductors 
stress. 7„. ,s ohtamed by extrapolation to T = 0 Kl. ibl The plot of neu measurements showing a break in the curve at a cntical temp 
extrapolation to T = 0 K gives two Peierls stresses. r„ and -;. 
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urements. e.g.. those of Gall et al.,2" were all done under 
atmospheric pressure in the ductile regime. The signifi- 
cant point about the data of Suzuki et al.|y is the appear- 
ance of a break at a critical temperature. 7(. (=420 K) in 
the TK(7) plot and the near coincidence of this point with 
the BDT of the material. Such a break is shown sche- 
matically in Fig. Kb) with extrapolation of each section 
of the curve to two new values of Peierls stress, denoted 
as T', and r'. 

Similar results have been presented more recently for 
GaAs and InSe21'22 with breaks in their ~Y(T) plots at 
critical temperatures. 7",. also close to the BDT tempera- 
ture of these materials. For all three of the crystals (InP. 
GaAs. and InSe) deformed by Suzuki et al.,22 there are 
also changes of slope in the ln(i>) versus 1/7 plots at the 
same temperatures. 7\, at which there are breaks in the 
ry(T) plots. The different slopes of the In rY( 1/7) plots 
on the two sides of the transition thus correspond to two 
different activation enthalpies. H, and H,. for dislocation 
glide in the high-temperature (7 > 7,.) and low- 
temperature (T < 7,.) regimes, respectively. 

Plastic deformation of two wide band gap semicon- 
ductors. 4H- and 6H-SiC. in the temperature range 550- 
1300 °C at a slow strain rate (-10 4 s-1) also exhibits a 
break at a temperature 7", in their 7Y(T) plots and a cor- 
responding change in the slope of their ln(T>) versus 1/7" 
plots (Figs. 2(a) and 2(b)|.2:i~25 In the two linear regimes 
of these figures, the slope of the straight lines is different 
with the high-temperature regime (7 > 7,.), giving a 
larger activation energy for dislocation glide as com- 
pared to the low-temperature regime (7< 7(.).

24-25 From 
Fig. 2. the breaks in the In TY( 1/7) plots of 4H-SiC and 
6H-S1C are at 74" = T," = 1100 ± 100 °C. which is 
close to the BDT of these two materials. 

Looking back in the literature for deformation data of 
semiconductors, one comes across other TY(T) data that 
appear to show a break, or change of slope, at (or close 
to) the BDT of the material. Thus, inspection of the T>(7) 

data of intrinsic (10l? cm"" phosphorus-doped) silicon 
given by Castaing et al.2* for the temperature range 
-300-1100 °C (Fig. 2 of their paper) also clearly shows 
a break (change of slope) at 7, = 650 °C close to the BDT 
of intrinsic silicon at the particular strain rate used in 
their experiments (2 x 10^ .v-1). Similarly. Demenet27 

deformed Si under hydrostatic pressure in the range 350- 
550 CC and combined his data with literature values for 
higher temperatures (> 600 °C) to obtain a ln(7>) versus 
1/7" plot. Again, this plot shows a break at -600 °C. 
separating two linear regimes, one with a lower slope in 
the high-stress/low-temperature regime and the other 
with a higher slope in the low stress/high-temperature 
regime. 

In the case of GaAs. as mentioned before, recent 
experiments of Suzuki et al.21'22 show a clear change of 
slope in the ln(7>) versus  1/7 plot. However, as also 

(a) 

(b) l/T I0A-4 (1/K) 

FIG. 2. ln(T,.) versus l/T plots in (a) 4H-SiC and (b) 6H-SiC at a 
strain rate ore = 1.3 x I0~? s~'. Note the chance in slope of the linear 
plots at a critical temperature. 7",. (± AD. and a critical stress. 

noted.19 even the earlier deformation experiments of 
Boivin et A/.,

28
 show a clear transition at a critical tem- 

perature. Tc = 400 ± 20 K. which is close to the BDT of 
GaAs. Thus, in Fig. 5 of the latter paper.28 a distinct 
change of slope can be observed at this temperature. It is 
significant that, in this case (and also in the recent results 
of Suzuki et a/.21'22), the activation energy for glide of 
dislocations [obtained from the slope of the \n(-Y) versus 
1/7 curve] above the transition temperature is apprecia- 
bly higher than that for temperatures below Tc. 

A break in the rY(T) plot, or a change in the slope of 
ln(7r)(l/7) plot, very probably indicates a change in the 
deformation mechanism operating at temperatures below 
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and above T... Suzuki et al, 19.2I.22 have suagested that the 
reason tor the break in the ry(T) curves of the three 
semiconductors that they have studied could be due to a 
change of the slip plane on which the dislocations glide. 
This is based on an earlier suggestion by Duesbery and 
coworkers29-32 that at temperatures below the BDT. dis- 
locations in semiconductors may belong to the shuffle 
set. whereas at temperatures above TliDT, dislocations 
belong to the glide set. This is an unlikely possibility 
because extensive TEM studies on plastically deformed 
semiconductors have shown that, not only glide disloca- 
tions in all semiconductors are dissociated.33-35 but also 
the lower the deformation temperature, the wider is the 
separation of partials of the dissociated dislocations, and 
the greater is the degree of uncorrelated kink nucleation 
and migration of the two partials.3f"It is also well known 
that it would be very difficult (and. energetically very 
costly) for shuffle dislocations to dissociate, and even 
more difficult for shuffle partials to move.2'37,38'32 

III. PARTIAL AND PERFECT DISLOCATIONS 

A. Previous observations 

The dominance of partial—rather than total— 
dislocations in the microstructure of low-temperature 
plastically deformed semiconductors can be seen in many 
works. Thus, preliminary TEM investigations of Casta- 
ing et c;/.2f' on [100] silicon crystals deformed in com- 
pression at low temperatures revealed a microstructure 
dominated by microtwins and extended stacking faults, 
indicating that the deformation was dominated by par'ial 
dislocation motion. This is consistent with the work of 
Wessel and Alexander39 who deformed silicon under 
high stresses and low temperatures by a two-stage tech- 
nique and investigated the resulting deformed material 
by TEM. The microstructure consisted of straight disso- 
ciated dislocations along (110) Peierls valleys mostly 
with nonequilibrium dissociation widths. The same results 
were found by Boivin et c//.28 in /Mype GaAs where, 
depending on the relative orientation of the compression 
axis with respect to the crystal, there was a high density 
of wide stacking faults and twins, indicating deformation 
by uncorrelated motion of partial deformations. 

On the other hand, there are also reports of total dis- 
locations dominating the microstructure of high-stress/ 
low-temperature deformed semiconductors. Thus. Boivin 
et «/.2S found the microstructure of glide bands in intrin- 
sic and /z-type GaAs deformed at low temperatures to 
consist of total dislocations, mostly with a screw char- 
acter and dissociated to their equilibrium separation. 
Similarly, in what appears to be a preliminary TEM 
investigation of one of their low-temperature (300 K) 
deformed InP crystals. Suzuki et al.19 found the micro- 
structure to be dominated bv screw dislocations lvina 

along the (110) Peierls valleys and dissociated to their 
equilibrium width (corresponding to a stacking fault 
energy of 15 mJ/m2). In addition, optical micrographs of 
the deformed sample side surfaces by the same authors 
showed profuse cross-slipping: a dislocation is able to 
cross-slip only when it is perfect and has a screw char- 
acter. It should be noted, nevertheless, that, using the 
Escaig mechanism.1415 it can be shown that in com- 
pound semiconductors a dissociated screw dislocation 
segment can cross-slip if a fast partial trails a slow lead- 
ing partial.40-42 Similar results have been obtained by 
Branchu et al.43 for low-temperature (between 20 and 
200 °C) deformation of InSb. In this case. TEM investi- 
gation of the deformed crystals showed that at tempera- 
tures above -50 °C. the dominant deformation 
mechanism was glide of total dislocations, while at room 
temperature, the deformation could be attributed to par- 
tial dislocations. 

In general, then, TEM investigations of semiconduc- 
tors deformed at low temperatures have shown the domi- 
nance of the microstructure by either perfect or partial 
dislocations, depending, apparently, on the orientation of 
the crystal with respect to the compression axis.44-46 

Thus, deformation of cubic crystals oriented for single 
glide ((213) orientation), or those with (110) orientation, 
produces a microstructure that is reportedly dominated 
by perfect dislocations, whereas in a deformed (100)- 
oriented crystal the reported dislocations are predomi- 
nantly single partials with, sometimes, a significant 
density of twin bands. Following Wessel and Alex- 
ander,39 these results have been interpreted in terms of 
the orientation dependence of the different resolved shear 
stresses acting on the leading and trailing partial dislo- 
cations.44-*6 Calculation of the Schmid factors for the 
different Burgers vectors of the leading and trailing par- 
tials of a dissociated dislocation shows that for (213) and 
(110) orientations, T, > T,, whereas for the (100) orienta- 
tion, T, > T,, where T, and T, are the resolved shear stresses 
on the leading and trailing partials, respectively. This 
interpretation correctly explains the experimental results 
in the cases where the mobilities of the two partials are 
known (compare with Sec. IV. A). 

B. TEM observations on SiC 

In the case of 4H- and 6H-SiC. TEM investigations 
have been performed for crystals deformed below Tt 

(700 °C for 4H and 900 °C for 6H-SiC) and above 7", 
(1300 °C for both 4H-SiC and 6H-SiC). The results of 
these experiments are shown in Figs. 3 and 4: in both 
crystals, for deformations below Tc, the microstructure is 
dominated by a single leading partial [Figs. 3(b) and 
4(b)] without the associated trailing partial appearing in 
the electron-transparent regions of the TEM foil (it 
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should be noted, nevertheless, that, occasionally, disso- 
ciated perfect dislocations were also observed). On the 
other hand, for deformation temperatures above Tc, the 
microstructure is dominated by perfect dislocations that 
are dissociated into two partials bounding a ribbon of 
stacking fault [Figs. 3(a) and 4(a)]. 

IV. PROPOSED MODEL 

A. Emission and mobility of partial dislocations 

The results on SiC appear to indicate that the transition 
in deformation mechanism of this material at Tc may 
have to do with a change in the mode of glide in 
the crystal. Specifically, it appears that in the low- 
temperature regime (T < Tc) deformation proceeds by the 
nucleation and glide of single partial dislocations, 
whereas in the high-temperature regime (7"> 7",.) defor- 
mation proceeds by the formation and glide of perfect, 
albeit dissociated, dislocations. We shall now assume 
that this is true for all semiconductors and attempt to 
explain the discrepancies that may exist. Subsequently, 
we shall argue that the critical temperature. 7",, at which 
a transition in the deformation mechanism of the semi- 
conductor occurs, can be identified with the BDT tem- 
perature. T/l/)r, of the crystal. 

Experimentally, it has been found that, in practically 
all semiconductors, there is an asymmetry in the mobility 
of the two partials of a dissociated dislocation with the 
leading partial being more mobile in screw (30/30) and 
mixed +120° (90/30) dislocations.2'3 The asymmetry in 
the mobility of the two partials of a dissociated disloca- 
tion is not surprising in a compound semiconductor, XY. 

as the core of the partials always consists of the same 
atom species X or Y, and, at least for screw dislocations, 
the two partials have different cores X(g) and Y(g)47 

Since the dangling bonds in the core of partial disloca- 
tions can be eliminated by reconstruction, the formation 
and migration energy of the kinks in the two partials is 
different because of the different X-X and Y-Y bonding 
energies.3'47'48'49 In elemental semiconductors (Si. Ge. 
and diamond), the cores of the partials consist of the 
same species, but their reconstructed atomic structure 
depends on their character. Thus, the many experimental 
results that show an asymmetry in the mobility of the two 
partials39 can be explained for the ± 120° (90/30 or 
30/90) mixed dislocations but is not easily explicable for 
the screw (30/30) dislocations. One possibility is that, in 
the latter case, the leading partial is always moving into 
a perfect crystal, while the trailing partial is moving into 
a faulted structure.39'50 It is possible that the formation 
and migration of kinks in a faulted structure are more 
difficult than in a perfect lattice, thus requiring higher 
activation energies. 

We now turn to the production of mobile dislocations 
during plastic flow, considering essentially the operation 
of surface sources. Bulk (Frank-Read) sources are dis- 
cussed in more detail in Sec. IV. C and lead to similar 
conclusions. The different mobilities of the two partials 
indicate that their formation energies are also probably 
different and that the leading partial has a lower forma- 
tion activation energy than the trailing partial.24'25-425'-52 

The dominance of a single partial dislocation in the micro- 
structure of crystals deformed below Tt suggests that 
only the leading partial is nucleated in the crystal, pre- 
sumably because there is not sufficient thermal energy to 

-V 

0.3 H m 

FIG. 3. Bright-field TEN! micrographs of the microstructure of deformed 4H-SiC at (a) 1300 "C. in which the '-'■>< 1120> dislocations are 
predominantly dissociated into a pair of partials I left-hand side) bounding a ribbon of stacking fault with approximately their equilibrium width: 
and ib! 700 C. in which the dislocations are predominantly single '.■ ><10T0) leading partials (left-hand sidei with no associated trailing partials 
in the thin regions of the TF.M foil. 
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FIG. 4. Bright-field TEM micrographs of the microstructure of deformed 6H-SiC at (a) 1300 CC. in which the '/i(ll20) dislocations are 
predominantly dissociated into a pair of partials (left-hand side) bounding a ribbon of stacking fault with approximately their equilibrium width: 
and (b) 900 "C. in which the dislocations are predominantly single '/i(lOlO) leading partials (right-hand side) with no associated trailing partials 
in the thin recions of the TEM foil. 

nucleate the corresponding trailing partial with the higher 
activation energy42; besides the core structure of the trail- 
ing partial, this activation energy would, presumably, 
also depend on the stacking fault energy of the crystal. 

The modeling of dislocation nucleation in crystals, and 
in particular in silicon, has recently become a focus of 
interest again.5W>2 In most cases, nucleation of perfect 
dislocations from a crack tip or from the surface of a 
strained heteroepitaxial layer has been considered. How- 
ever. Rice.55 employed the Peierls concept to calculate 
the critical load required to nucleate partial dislocations 
from a crack tip in an FCC crystal. These 0 K calcula- 
tions (in the absence of thermal fluctuations) considered 
the different Schmid factors on nucleation of the two 
partials of a +120° dissociated dislocation for a particu- 
lar crystal geometry. Using a different technique, Bro- 
chard et cil.<l[ have calculated the critical stress required 
for nucleation of leading/trailing partial dislocations 
from a surface step and. more recently, have included the 
effect of the different mobility of these partials in their 
calculations.62 However, they have not as yet extended 
their calculations to finite temperatures in order to esti- 
mate the activation energies for nucleation of the differ- 
ent partials at a given applied stress. 

It should be noted that a stacking fault always drags 
behind a leading partial, and thus the nucleation and 
motion of the latter on a certain slip plane in the crystal 
prevents the formation of the same partial from the same 
source on that plane. This argument applies to both 
bulk50 and surface42 sources. As a result, crystal shear is 
highly inefficient in the low-temperature regime and 
plastic deformation of the crystal can take place to a very 
limited extent. Not only is the Burgers vector of a partial 
much.smaller than a perfect dislocation but also once a 

partial is nucleated from a source, the operation of the 
source is practically shut off at least for all pinned non- 
screw dislocation segments. (In the case of pinned screw 
dislocation segments, twins may start forming by re- 
peated cross-slip processes.50 However, even if twinning 
does occur, this is a much more limited mode of defor- 
mation as compared to the motion of perfect disloca- 
tions.) At a certain critical temperature, Tr, thermal 
energy becomes sufficient to nucleate the trailing partial 
(as well as the leading partial of course). In this case, the 
motion of the trailing partials on the slip planes clean up 
any left-over stacking faults on those planes and the ex- 
isting sources start operating rapidly again. Moreover, 
the shearing of the crystal takes place much more effi- 
ciently. The same sources can multiply repeatedly on the 
same slip planes and produce many dislocations, the mo- 
tion of each of which can shear the crystal through a full 
Burgers vector. Hence, any applied stress on the crystal 
will be relaxed by the efficient formation and glide of 
perfect (dissociated) dislocations above 7",, and the crys- 
tal becomes plastically deformable (ductile). On the other 
hand, the very limited plasticity of the crystal below Tt. 
prevents the relaxation of the applied stress and results in 
its build up. Any crack nucleus is then susceptible to 
rapid growth by the propagation of the crack tip under a 
resolved tensile stress on it. Thus, according to this ar- 
gument, the slope of the ln(Tr) versus 1/7 plot in the T< 
Tc regime gives the activation energy for glide of the 
leading partial dislocation, and the slope of this plot at 
T > Tc gives the activation energy for glide of the slow 
trailing partial (which effectively controls the mobility of 
the perfect dislocation). Correspondingly. ~'p and and ~'p 

in Fig. Kb) are the Peierls stresses for the leading and 
trailing partial dislocation, respectively. 
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B.  BDT 

The same argument applies for generation of disloca- 
tion half-loops from stress concentrations at a crack 
tip.6 -M This is schematically shown in Fig. 5(a) for a 
crack tip that is subject to the simple case of mode I 
loading, i.e.. a tensile stress, o\ normal to the crack sur- 
faces, or a corresponding stress intensity factor. K,, at the 
crack tip. In this figure, slip planes S are also shown that 
intersect the crack tip and the few ledges on the crack 
faces that are. presumably, the most likely sites for dis- 
location nucleation. At temperatures below the BDT. 
only a leading partial dislocation half-loop can be emit- 
ted from each source, which will subsequently shut off 
that source [Fig. 5(a)]. In this case, the crack tip blunting, 
or its shielding."5 I K'1,"1. by the few partial dislocations. 
is negligible, and the effective stress on the crack tip. 
K'i" ( = K, - I A"/'A). is nearly equal to the applied 
stress-intensity factor. K,. Consequently, as the applied 
stress is increased and K'',"' (= K,) reaches the critical 
stress intensity factor. Kh. the crack propagates, leading 
to the fracture of the material. On the other hand, at or 
above the BDT. when full dislocations can be nucleated 
by the stress concentration [Fig. 5(b)]. the crack tip 
source will operate repeatedly on the same slip plane and 
an avalanche of full dislocation half-loops will be emit- 
ted by the existing sources. These dislocations are col- 
lectively able to blunt the crack tip (if they are screw and 
are able to cross-slip around the crack profile), or more 
importantly, shield it from the tensile stress (if they are 
edge and move away from the crack) and prevent the 
crack from propagating.65 In other words, in this case 
the shielding. £ K'j'\ becomes significant and will be 
able to maintain the effective stress-intensitv factor. 
K'i"'. below Ktl.. 

We should also add that the nucleation of perfect dis- 
locations by itself is not sufficient to shield the crack and 
stop it from propagating. Once a (full) dislocation is 
nucleated at a source, it must be able to move away 
rapidly enough to let the source operate continuously and 
generate other dislocations. In fact, the mobility of dis- 
locations must be high enough that a sufficient number of 
dislocations can form in a short enough time frame that 
the crack is shielded effectively before it has a chance to 
run away. Thus, the present model does not contradict the 
dependence of the BDT on dislocation mobility through 
the rate of expansion of a crack tip shielding zone of 
dislocations emanating from the crack tip. 

From the above discussion, the present model predicts 
that, at temperatures below BDT. only a few leadins 
partial dislocations with their associated stacking fault 
would be present at a crack tip. Whether there is suffi- 
cient contrast produced by a few partial dislocations to 
enable their observation by TEM or x-ray techniques to 
provide enough resolution to observe the few partials is 

(a) 

FIG. 5. Schematic projection of a crack tip under mode I loading with 
an intersecting slip plane: (a) at T< T„„T. emission of a single partial 
dislocation loop shuts off the source! s): and (bl at T £ Tlsl)l. emission 
of the associated trailing partial cleans the glide plane(s). thus enabling 
continuous operation of the source) s). 

questionable. On the other hand, only perfect disloca- 
tions should be observed at temperatures above the BDT. 
The few experimental data that are available for the most 
investigated element, silicon (e.g.. x-ray observations by 
George12) and in situ TEM observations by Chiao and 
Clark.66 are not inconsistent with these predictions. In 
addition, as far as the authors are aware, no observations 
contradicting these predictions are available for other 
semiconductors. Further, it is well established that the 
temperature and strain rate dependence of the BDT. in 

J. Mater. Res.. Vol. 14. No. 7. Jul 1999 2789 

a as 



P. Pirouz et a/.: On temperature dependence of deformation mechanism 

silicon.6"1' germanium.67 and GaAs68 at least, are practi- 
cally the same as those associated with dislocation mo- 
bility in the high-temperature/low-stress regime. Within 
the present context, this confirms that any significant 
amount of plasticity recorded at crack tips stems from the 
motion of perfect dislocations. We shall come back to the 
effect of the initial dislocation density on the BDT after 
discussing some recent simulations in silicon. 

C. Frank-Read sources in silicon 

It is known from many studies that dislocation multi- 
plication occurs by surface sources in crystals containing 
an initial density of dislocations smaller than a critical 
value (about 106 m~2. according to Alexander and 
Haasen1) and by volume (Frank-Read) sources for pre- 
strained crystals or crystals containing a large density of 
grown-in dislocations. Moulin69 has recently simulated 
the operation of a Frank-Read source in silicon using 
three-dimensional mesoscopic simulations that fully take 
into account the self-energy and interaction between dis- 
locations.70'71 As part of his simulations. Moulin consid- 
ers the formation of the first loop from a dissociated 
screw dislocation segment by a Frank-Read mechanism 
[Fig. 6(a)|. The evolution of the process may be followed 
by changes in two parameters [Fig. 6(b)]: c/, (separation 
between the initial leading and trailing partials) and d2 

(separation between the re-formed leading and trailing 
partials) as a function of temperature. T. and the resolved 
applied shear stress. T(1/V,,. Figure 6(c) shows the evolu- 
tion oft/, and cl2 as a function of temperature for a source 
length of 1 u.m at an applied stress of -,,,,,, = 400 MPa 
when the stress axis on the crystal is along a [100] 
direction. Under this particular geometry, the intersection 
of the two curves c/,(7") and J2(T) corresponds to a criti- 
cal temperature. -900 K. where a transition occurs. (This 
transition can be viewed as equivalent to the one studied 
by Wessel and Alexander.u' but now it is defined in 
dynamic conditions and for dislocation sources, not for 
infinite straight segments.) At lower temperatures, 
faulted loops form by the expansion of only the leading 
partial [left-hand inset to Fig. 6(c)]. whereas at higher 
temperatures, perfect loops form by the expansion of 
both the leading and the trailing partials [right-hand inset 
to Fig. 6(c)]. This critical temperature (-900 K) falls in 
the range of the BDT of silicon.'" It should be noted, 
however, that the problem of the nucleation of the par- 
tials (compare with Sec. IV. A) was not considered by 
Moulin, since these results only deal with the case where 
both partials are already present. It is also interesting that 
the intersection point (and thus the transition tempera- 
ture) shifts with the source length.61' Since in a dislocated 
crystal the source length is inversely proportional to the 
square root of the dislocation density, this effect is in 
some ways equivalent to the experimental dependence of 
BDT on the initial dislocation densitv in the crystal. 

Qsmm 

800 1200 900 1000 1100 

(c) Temperature (K) 

FIG. 6. The definitions of rf, and d2 in a Frank-Read source: (a) initial 
pinned segment of a dissociated screw dislocation, (b) after expansion 
of the leading partial, and (c) variations of </, and </: with temperature. 
T. in a Frank-Read source starting from a pinned dislocation segment 
of l-(xm length under an applied stress of ~w,, = 400 MPa. The inset 
shows the formation of perfect loops for T > 7 and faulted loops for 
T < T.. 

However, in addition to uncertainties related to the as- 
sumed initial microstructure, two effects must be consid- 
ered. One is the influence of orientation—since the one 
used here. [100], favors the extension of the stacking 
fault ribbon—and the other is the effect of the intrinsic- 
difference in partial dislocation velocities that appears to 
affect, to some extent, the transition in the source mode 
of operation. Hence, the present simulation results are 
essentially qualitative. 

V. DISCUSSION AND CONCLUDING REMARKS 

A. Velocity and mobility of partial dislocations 

The transition observed in the simulation experiment 
of Fig. 6(c) can be explained in part by the occurrence of 
two different velocity regimes, as predicted within the 
framework of the diffusing kink mode.'' In short, based 
on the mean-free-path of kinks on a dislocation segment 
of length L one can define a transition between a lovv- 
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stress/high-temperature domain, where dislocation ve- 
locities are independent of the segment's length, and a 
high-stress/low-temperature regime, where the velocity 
is proportional to the length.5 Since the activation energy 
(E, + £,„) for glide of a length-dependent segment is 
smaller by ~£, than that (2£, + £,„) of a length-dependent 
segment (E, and £,„ are. respectively, the kink formation 
and migration energies), it follows that the activation 
enthalpy should be larger at low temperatures. However, 
this would induce a break in the T,-(D plots in a sense 
opposite to the one that is experimentally observed. This 
discrepancy can be attributed to the fact that the simula- 
tions do not account for the intrinsic difference in the 
mobility of partial dislocations—a difference that in- 
creases with decreasing temperature.^2 In fact, not much 
is known about these effects, even in silicon, but it is 
clear that there is no obvious correlation between the 
break in the 7y(T) curves and the transition between the 
two types of velocity laws. 

Finally, another possible explanation for the break in 
the ~y(T) plot could arise from a breakdown of the hy- 
pothesis that kinks move in a diffusive manner along the 
secondary Peierls valleys. Indeed, at high stresses, the 
probability for reverse jumps of* the kinks (i.e.. jumps in 
a direction opposite to that of the applied stress) becomes 
vanishingly small. In such a case, the activation enthalpy 
for kink migration would depend on stress in a nonlinear 
manner—unlike the case of kink diffusion regime where 
the kink velocity is proportional to the applied stress. 
This possibility was actually discussed by Suzuki et al.22 

in their latest paper. However, these authors considered 
only mobile perfect dislocations since their experiments 
were performed along the (123) axis—an orientation not 
favorable for dissociation under the Escaig effect. In any 
case, whether or not this change in the velocity law oc- 
curs at low temperatures—and superimposes on the dif- 
ferent mobilities of partial dislocations—it does not 
modify the substance of the model presented here. 

B. Prestrained versus dislocation-free crystals 

A question that remains to be answered is the obser- 
vation of both leading and trailing partiais in some of the 
crystals deformed in the brittle regime, e.g.. silicon de- 
formed in a (1 10) orientation for which the resolved 
shear stresses tend to constrict the stacking fault ribbon. 
With the exception of a few cases for silicon, the crystals 
tested under high-stress/low-temperature conditions have 
not been dislocation free. In fact, sometimes (e.g.. ex- 
periments of Wessel and Alexander on Si39), the dislo- 
cation density is intentionally increased in the crystal 
by predeformation at a high temperature (in the ductile 
regime) and with low stress to prevent fracture of the 
crystal when the second stage of deformation at low- 
temperature (brittle regime) and high stress is applied. In 

other cases, there is usually an initial density of disloca- 
tions that have been usually introduced (again in the 
ductile regime) in the crystal during its solidification and 
growth. In any case, these pre-existing dislocations (in- 
tentionally or nonintentionally introduced) are usually 
perfect, albeit dissociated into leading/trailing pairs. 
Hence, application of high stresses at low temperatures 
(and under low strain rates, or with a superimposed hy- 
drostatic pressure that prevents fracture of the crystal by 
counteracting the tensile stresses on pre-existing crack 
nuclei) will lead to motion of dissociated pairs. In gen- 
eral, under such conditions, nonequilibrium widening or 
narrowing of dissociated dislocations occurs during 
glide, as demonstrated by Wessel and Alexander.39 In 
addition to the relative mobilities of the leading and trail- 
ing partiais, this depends sensitively, as mentioned be- 
fore, on the crystal orientation.39 According to the 
present model, however, new dislocations can also be 
generated in the low-temperature deformation stage, al- 
though these will be single leading partiais. There are. 
thus, two competing mechanisms for generating disloca- 
tions at low temperatures, and the final microstructurc 
consists of a mixture of dissociated perfect dislocations 
(from the initial dislocation content, and new loops gen- 
erated from nonscrew Frank-Read sources) together with 
some single leading partiais that are generated by defor- 
mation below Tt.. The relative amounts of dissociated 
perfect versus single (leading) partial dislocations de- 
pends on the initial dislocation density of the crystal 
(pre-existing or intentionally introduced in the ductile 
regime) and the temperature, stress, and duration of the 
low-temperature deformation (which controls the frac- 
tion of single partiais nucleated in the brittle regime). 
Similarly, during the deformation of a dislocation-free 
crystal in the brittle regime (say. under a large hydro- 
static pressure), it is expected that all the dislocations in 
the crystal would be single partiais. It also follows that in 
fracture tests, the BDT temperature will be very sharp for 
a dislocation-free crystal (all sources shut off after they 
have emitted one single leading partial), whereas it 
would be rather diffuse for a crystal containing pre- 
existing dislocations, as is found experimentally.10'73 In 
the latter case, the temperature range. A7". over which the 
BDT extends would depend on the initial dislocation 
density. Another consequence of the model is that plastic 
deformation of a truly dislocation-free bulk crystal, with 
well-polished sample surfaces, should be practically im- 
possible at low temperatures even under very high hy- 
drostatic pressures because of the very limited plasticity 
(all the dislocation sources shut off quickly after emis- 
sion of a leading partial). The situation will of course be 
different if new sources are continually introduced (say. 
at the surface): this is what takes place in an indentation 
test where a superimposed compressive hydrostatic com- 
ponent is present. Then, plasticity is provided exclusively 
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by the formation and motion of leading partials and 
microtwins. 
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ABSTRACT 
Deformation tests «ere conducted on 6H-SiC in an orientation favourable for 

activation oi' the 2110)(000l) slip svstem. Tests were conducted at temperatures 
between 550 C and 1400 C and at a strain rate of 3.1 x 10 " s '. Subsequent to 
the deformation tests, optical and transmission electron microscopy were used to 
study the deformation-induced defects such as stacking faults, deformation kinks, 
and cracks. Based on these observations, a mechanism for the formation ot 
deformation kinks, and nucleation and propagation of cracks, and the 
temperature dependence of this mechanism is proposed. 

«j I. INTRODUCTION 

Owimi to its potential as a wide bandgap semiconductor, there has recently been 
an increased interest in the mechanical behaviour and the structure-property rela- 
tionships ol'monocrvstalline silicon carbide (l-ujita et al. 1987. Suematsu et al. 1991. 
Corman 1992. Yang el al. 1992. Ning and Pirouz 1994. Samant et til. 1998). These 
studies have involved primarily 6H-SiC because of the recent successes in new and 
improved methods of growing bulk monocrystals of this polytype (Tairov and 
Tsvetkov 1978). Studies on the eflects of test temperature and strain rate on the 
yield stress of monocrvsialline 611-SiC (Fujila et al. 1987, Samant et at. 1998) have 
'shown thai in an orientation favourable for activation of the (2110)(000l) primary 
slip system, these crystals can be deformed to relatively large plastic strains via the 
application of modest resolved shear stresses on the basal plane. The present paper 
reports the results of optical and transmission electron microscopy studies on the 

deformation-induced kinks and cracks in these crystals. 

v}2.   EXIMRIMINTAI. PROCLDURK 

The bll-SiC bulk simile crystal was obtained from Cree Research Inc. (Durham. 
North Carolina. USA), and was grown along the [0001] direction by the modified 
sublimation technique (Tairov and Tsvetkov 1978). The orientation of the bulk 
crystal was determined by the X-ray Laue back-reflection technique and the samples 
were cut in an orientation as shown schematically in figure 1. After cutting, all the 
faces of each sample were ground using a 20 urn diamond-impregnated disc followed 
by a 9 urn diamond polish. Each specimen then had the correct orientation for 
maximum resolved shear stress (i.e. Schmid factor. 5-0.5) for the [12101(0001) 
primary slip system. The Schmid factors for slip on the other two equivalent slip 
systems, e.g. 2110 (0001! and 1120(0001). were lower (% 0.43). The samples were 
tested in compression in a manner described elsewhere (Samant et al.  1998) at 

ii141   si,in >)s si: mi ,    I'l'is l.ulor & I IIIIK'IS Lid. 
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1010] 

[1210] 

Figure 1.    Schematic of the compression sample. Nominal specimen dimensions are 2.0 mm x 
2.0mm * 4.0mm. 

various temperatures ranging from 550 C to 1400 C and at a slow strain rate ot 
3.1 x 10 5s '. Subsequent to the compression tests, transmission electron micro- 
scopy (TEM) specimens were prepared from the crystals deformed at test tempera- 
tures'of 1300 C and 1400 C. Foils parallel to the (1010) planes were prepared from 
slices of - 500 urn initial thickness, cut from the deformed crystals. These slices were 
then mechanically ground using 9 urn diamond paste to a thickness of ~ 130 urn and. 
after further polishing with 3 urn diamond paste, they were dimpled to a thickness of 
- 30 urn followed by ion beam thinning to electron transparency. A Philips CM20 
transmission electron microscope was utilized to study these samples. 

§3. RUSULTS 

I'imtre 2 is an optical micrograph showing the slip traces on (a) (1010) and (h) 
the (12110) side faces of a 6H-SiC single crystal sample deformed at a test tempera- 
ture of 1300 C to a true longitudinal strain of X%. As expected, the slip traces 
correspond to the intersection of the sheared (0001) primary slip planes of 6H-SiC 
with the sample faces. 

-   [1010] 

[1210] 

0.5 mm 

f-'isuire 2.    Optical micrograph showing the slip traces on («) the (1010) and </>) the 112110) 
face of the sample deformed at a test temperature of 1300 C. 
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Kinure 3. Dark-field transmission electron micrographs of the sampie deformed at («) 
1300 C and (/>) 1400 C obtained using the g =0110 reflection near the [2110; zone 
axis. Each while band is a stacking fault ribbon on the (0001) plane. Note the large 
number of short ribbons, especially in (/>>. bounded at the ends by leading and trailing 
partial dislocations. 

l'igures 3 (</) and (/>') arc dark-field transmission electron micrographs of the 
samples deformed at 1300 C and 1400 C respectively, recorded using the g = 0110 
reflection near the [21101 zone axis. A high density of stacking fault ribbons lying on 
the basal (0001) planes is observed in both these samples. Each ribbon is the result of 
wide dissociation of a I'lZIO' dislocation into two ^{1100} partials. This was con- 
lirmed hv g b = 0 analysis, in which the bands in these figures went out of contrast 
under g - 0006 and g - 1120 reflections, confirming that they have a translation 
vector parallel to A 1 ()(.);. In some cases, both partials are in the field of view (the 
stacking fault ribbon is terminated at both ends), while in others, one or both 
partials are out of view (the stacking fault ribbon is terminated on one end only, 
or the ribbon crosses the whole field of view). It can be seen that many more short 
stackine fault ribbons are present in the sample deformed at the higher test tempera- 
ture of 1400 C. The short ribbons in figure 3(A) have widths ranging from 130 nm to 
300 nm. corresponding to a stacking fault energy between 3.5 and 1.5mJ m " respec- 
tively with most of the ribbons having widths corresponding to a stacking tault 
ener»\ of 2.6 mJ m :. This is close to the value (2.5 mJ m :) determined by Maeda 
fi nl. (1()NN) which they quote as the equilibrium stacking fault energy of 6H-SiC. 

I-'inure 4 is a dark-field transmission electron micrograph of another area ol the 
sample shown in figure 3(A). obtained using the same diffraction conditions. Two 
deformation kinks, labelled as 1 and II. are marked with arrows in figure 4: these are 
separated bv a distance o( about 7 urn. The boundaries of the kinks are heavily 
faulted and further investigations were focused on kink 1. 

232 



/40 oaiuaiii <. t ut. 

|-iaure 4 Dark-field transmission electron micrograph of the sample deformed at 1400 C 
obtained using the g = 0110 reflection near the [21 TO] zone axis. Two deformation 
kinks, labelled"as 1 and II. can be observed. 

|->ure > Dark-field transmission electron micrograph of the sample deformed at 1400 C 
obtained usinu the g = 0006 reflection near the [1010] zone axis. A kink (labelled 1 in 
tisiure 4) passes vertically near the centre of the micrograph. The inset shows a brtght- 
lield LAC"BED pattern of a region intersecting the kink. 
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Figure 5 is a higher magnification view of kink 1 oi' figure 4. obtained using the 
g - OOOd reflection near the : 1010; zone axis. The difference in contrast on either side 
of the kink indicates that there is a change of orientation across the kink. Large- 
angle convergent beam electron diffraction (LACBED) was utilized to determine the 
orientation of the two sides of kink I. The bright-field LACBED pattern, shown in 
the inset o( figure 5. was obtained after tilting the specimen a few degrees away from 
the 1010 /one axis. The two arrows in this inset indicate the defocused shadow 
image o\' the deformation kink. The high order Laue zones (HOLZ) in the inset of 
figure 5 clearly indicate that the kink lies on the (1210) plane. The discontinuities in 
the HOLZ lines across the deformation kink revealed a ~ 5' angle of rotation 
between the two sides of the kink. 

Figure 6 is a higher magnification dark-field transmission electron micrograph of 
kink I obtained using the same diffraction conditions as those used in figures 3 and 4. 
The areas A and B marked in figure 6 indicate regions on the left and right hand side 
of the kink respectively. The ~5 rotation of the deformation bands, which are 
parallel to the (0001) basal planes, can be clearly seen in this micrograph. 

Figure 7 was obtained using the g = 0110 reflection near the [2ll0] zone axis. 
The reversal of contrast in regions A and B between figures 7(a) and (b) was obtained 
bv exploiting the difference in the orientation of these two areas (discussed above). 

Figure S is an optical micrograph of the (1010) face of a sample, compressed at a 
temperature of 950 C to a true longitudinal strain of 17.9%. showing a (1210) prism 
plane crack. It is remarkable that, even at such a low temperature, the crack has not 
propagated to catastrophic failure; the upper portion of the sample is still intact. The 
crvstal is also heavily kinked, as indicated by the bent slip traces. 

•'igure (•>. Dark-field transmission electron micrograph of the region containing kink I 
obtained using the g = 0110 reflection near the 12110] zone axis. Note the ~ 5 rota- 
tion o( the deformation bands (parallel to (0001) basal planes) on crossing the kink. 
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•igurc 7. Dark-field transmission electron micrographs of the sample deformed at 1400 C 
obtained using the g = 0110 reflection near the [2110] zone axis of (a) region A and (A) 
region li of tignre 6. Note the high density of dislocations on both sides of the kink. 
The arrows indicate what appears to be dislocation pile-ups against the kink. 

[0001] 

[1210] 

•'igure S. Optical micrograph showing the slip traces and prism crack on the (1010) face of 
the sample deformed at a test temperature of 950 C. Note the curved slip traces 
indicating the change in orientation of the crystal on either side of the crack which 
propagated along the kink. 
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[1210] [0001] 

Fituire l>.    Optical micrograph showing slip traces and cracks parallel to the compression axis 
on the ( 1010) face of a sample deformed at a test temperature of 550 C. 

Hiiuro 9 is an optical micrograph of the (1010) face of a sample compressed at 
the very low temperature of 550 C to a true longitudinal strain of 0.3%. This sample 
shows slip traces which do not appear to be kinked as are those seen in the specimen 
shown in figure X where the compression was carried out at a higher temperature 
(450 O to a true longitudinal strain of 17.9"». The sample in figure 9 does, however. 
have two cracks, both of which appear to have nucleated and propagated in a 
direction parallel to the applied compressive stress (i.e. they have propagated in a 
direction perpendicular to the maximum tensile stress, as expected in a brittle solid). 

Jj4. DISCUSSION 

Nine and Pirouz (1994) proposed a mechanism for the formation of deforma- 
tion-induced cracks and kinks in AH-SiC crystals at low deformation temperatures. 
In their paper, it was suggested that a (1100)^(1120) prism dislocation acts as a 
barrier to the glide of partial basal dislocations, i.e. (0001)^(0110) leading partials. 
linder the applied stress, the partial dislocations accumulate at their intersection 
with the {1100} plane on which the prism dislocation lies, and eventually nucleate 
a crack on this plane. Once a prism-plane crack is formed, further incoming partial 
dislocations glide out of the crack surface each forming a demi-step at the crack 
plane. This causes an accumulation of demi-steps of the same sense on neighbouring 
planes, which eventually results in the rotation of one part of the crystal with respect 
to the other, thus forming a kink on the {1100} plane in the 6H-SiC crystal deformed 
at lower temperatures. In the current experiments, however, specimens exhibited 
kinked slip traces on their {1010} faces even when no basal-plane or prism-plane 
cracks were detected. TEM on the samples deformed at test temperatures between 
1300 C and 1400 C (discussed above) did not reveal the presence of any cracks. 
The fact that optical microscopy had shown these specimens to be kinked leads us 
to believe that, in the present deformation experiments, the formation ot kinks 
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preceded  the  nucleation and  propagation  of cracks,  and  the above-mentioned 
mechanism cannot apply in this case. 

Suematsu et al. (1991) suggested that deformation kinks present in the 6H-SiC 
samples on which they had performed compression experiments, formed because of 
the inevitable stress concentrations and inhomogeneous nature of their deformation 
tests. We believe the same type of inhomogeneities may also be at the origin of the 
deformation kinks in our experiments, and this is what will now be discussed. 

Recently. Castaing and co-workers (Riviere and Castaing 1997, Castaing et ill. 
1997) considered the evolution of the sample shape during compression of a single 
crystal in which only single slip is activated (figure 10). In figure 10(«), the set of 
crystallographic planes parallel to the slip plane is shown in the undeformed crystal: 
initially this set makes an angle of 45 with respect to the end compression faces of 
the specimen. In general, during a compression test of a parallelepiped crystal, in 
which only single slip is activated, deformation is not homogeneous in the specimen 
but. rather, is concentrated in a sheared band, leaving two triangular regions unde- 
formed. During deformation, if the end faces of the crystal are free to move, then the 
specimen changes shape, becoming distorted as in figure 10(/>). The shape of the 
sample in this figure is due to shear of the central portion on the slip planes and the 
motion of the two triangular regions parallel to the compression faces in order to 
keep up with this shear. The slip planes remain parallel, however, in all three regions 
of the deformed sample. However, if the end faces are prevented from motion by 
frictional forces, then glide on the slip planes is accompanied by a rotation of these 
planes as in figure 10(c). As seen in this figure, only one kinked band forms which 
consists of the central portion of the sample, separated by two deformation kinks on 
the two sides of the crystal. In the actual case, however, the deformation is much 
more inhomogeneous and the shape evolution is correspondingly more complex: as a 
result, a series of kinked bands may form throughout the sample. 

Once a deformation kink is formed, further straining increases the tensile stress 
along the ;i21()J direction and a microcrack nucleates at the kink plane where the 
interatomic bonds are severely distorted (i.e. weakened). Following nucleation. the 

(a) (b) (c) 

Figure 10. (</) L'iuleformed parallelepiped crystal with the primary set of slip planes making 
an angle ol 45 with respect to the compression axis. (/>) ihe shape change of the crystal 
after compression assuming that only the central portion deforms by slip and that the 
end faces are free to move and (c) the shape change of the crystal "after compression 
assuming that onl> the central portion deforms by slip and that the end faces cannot 
move. The slip planes in ihe central portion rotate producing two deformation kinks. 
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crack then propagates along the kink plane. The specimen shown in figure 8 exhibits 
inhomogeneous deformation, which probably provided the stress concentration 
necessary to nucleate and propagate the crack. Note that the sample has fractured 
on a plane parallel to (1210) (i.e. the prism plane), which is the plane on which the 
'kink' occurs. 

The fracture behaviour at lower temperatures, however, appears to be different 
from that just discussed. This is apparent by comparing figures 8 and 9, and they lead 
us to believe that there are two possible mechanisms leading to the formation of 
cracks as a consequence of deformation of a crystal in the chosen orientation. At 
higher test temperatures (e.g. above 900 C). there is sufficient thermal activation for 
dislocation glide to take place: in this case, the crystal exhibits kinking due to the 
presence of frictional forces between the deformation fixture, and the end faces of the 
sample that prevents the free motion of the sample and thus gives rise to inhomo- 
geneities in the deformation process. As observed in figure 8. on further plastic 
deformation, the crystal then nucleates cracks along the kink plane, which acts as 
a large pre-existing Haw. 

On the other hand, at the lower test temperatures (e.g. 550 C), there is insuffi- 
cient thermal activation for dislocation glide and there is hardly any slip in any part 
of the crystal (including the central section, figure 10(A)). Thus, the crystal is unable 
to develop kinks, the formation of which requires a substantial amount of inhomo- 
geneous deformation. At these low temperatures (e.g. 550 C) the crystal will develop 
cracks from other pre-existing flaws such as polishing damage or other internal 
defects such as voids etc. On further straining, these cracks will propagate on any 
suitable plane which is perpendicular to the maximum tensile stress (in the manner 
observed in figure 9) after little plastic deformation. In other words, at lower test 
temperatures, the 6H-SiC crystal will cleave as a brittle solid under an applied 
compressive stress, exhibiting cracks on a suitable plane on which the atomic 
bonds are subjected to the maximum tensile stress. 

Further deformation tests need to be conducted to determine the critical tem- 
perature below which the formation of kinks is preceded by the formation of cracks 
of the kind seen in figure 9. Deformation tests above this critical temperature would 
also help determine the critical strain (at a particular temperature) above which 
further straining leads to the formation of deformation kinks and to the nucleation 
and propagation of prism-plane cracks (along these kinks). 

vj5. CONTUSIONS 

(1) The deformation appears to occur heterogeneously by dislocations which are 
widely dissociated and produce long stacking faults on basal planes. Because 
of the wide separation of the two partials. they are uncorrelated and the 
deformation very likely takes place by independent nucleation and propaga- 
tion of leading and trailing partial dislocations. 

(2) Deformation kinks were observed in the samples deformed at or above 
950 C. where slip traces were more visible indicating higher dislocation 
mobility. The origin of the deformation kinks is probably related to the 
frictional constraints imposed on the (SH-SiC in which only one single slip 
plane. (0001). is available. 

{}) 1'or the sample deformed at 1400 C. LACBED revealed that the deforma- 
tion kinks lie on the I 1210) planes. LAC'BliD on one of the deformation 
kmks also revealed a ~~ 5   anule o( rotation between its two sides. 
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(4) Current results suggest that at low temperatures (e.g. ~ 550 C), cracks are 
nucleated and propagate in a direction perpendicular to the maximum ten- 
sile stress, after little plastic deformation. At higher temperatures (e.g. above 
~ 900 C). however, when dislocation glide becomes possible, the formation 
of {1210} prism-plane cracks is preceded by the formation of kinks. 
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