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Abstract 

Described in this thesis is an investigation of some fundamental physical properties of 

both zincblende and wurtzite Group III - Nitride wide bandgap semiconductor materials. 

All of the thin films studied were grown by plasma-enhanced molecular beam epitaxy 

on either GaAs and SiC substrates. This growth method proved to be suitable for nitride 

expitaxial growth although compromises between the plasma power and the crystal growth 

rate had to be sought. The zincblende poly types of GaN and InN were studied with the 

intent of evaluating their potential as a wide bandgap semiconductor system for short 

wavelength optical devices. The metastability of these crystals has led us to the conclusion 

that the zincblende nitrides are not a promising candidate for these applications due to 

their tendency to nucleate wurtzite domains.  Bulk samples of zincblende GaN and InN 

and wurtzite GaN, A1N and InN were studied by x-ray photoemission spectroscopy (XPS) 

in an effort to determine their valence band structure. We report the various energies of 

the valence band density of states maxima as well as the ionicity gaps of each material. 

Wurtzite GaN/AIN and InN/AIN heterostructures were also investigated by XPS in order 

to estimate the valence band discontinuities of these heterojunctions. We measured valence 

band discontinuities of AE?aN/A1N  = 0.4 ± 0.4 eV and AEI
v
IlN/A1N  =  1.1 ± 0.4 eV. Our 

results indicate that both systems have heterojunction band lineups fundamentally suitable 

for common optical device applications. 
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1. INTRODUCTION 

The III-V nitrides have long been viewed as a promising system for semiconductor 

device applications in the blue and ultraviolet wavelengths. The wurtzite polytypes of 

GaN, A1N and InN form a continuous alloy system whose direct bandgaps range from 

1.9 eV for InN, to 3.4 eV for GaN, to 6.2 eV for A1N. Improved epitaxial crystal growth 

techniques have led to a rapid improvement in the quality of these materials. The recent 

demonstration of high efficiency p-n junction light emitting diodes in several laboratories 

has raised hopes that a GaN laser diode can be fabricated in the near future. However, 

important interfacial properties of GaN and A1N, such as the heterojunction band offsets, 

which are critical for laser design, have not yet been reliably measured. 

Like many wide bandgap semiconductors, most notably carbon and SiC, the III-V 

nitrides can crystallize in more than one polytype. The zincblende nitride polytypes have 

only recently been grown and few of their properties have yet been catalogued. The 

similarity of the wurtzite and zincblende crystal structures has led some to suggest the 

zincblende nitride polytypes as a potential alternative wide bandgap semiconductor sys- 

tem for device development. However, until researchers can determine a number of the 

fundamental physical properties of these materials, their device potential remains, for now, 

purely speculation. 

In this thesis we address some of these outstanding relevant issues in the study and 

development of the Group III - Nitride semiconductors. Chapter 2 provides a brief back- 

ground of GaN, A1N and InN. Chapter 3 describes the molecular beam epitaxial crys- 

tal growth technique used to grow the GaN, A1N and InN samples studied in this work. 

1 

« 



Chapter 4 details the structural properties of zincblende InN and GaN grown on GaAs sub- 

strates. In Chapter 5, we analyze the optical properties of zincblende GaN. Chapter 6 de- 

scribes the insulating properties of zincblende GaN in GaN/GaAs insulator-semiconductor 

devices structures. Chapter 7 presents x-ray photoemission data dealing with the valence 

band structure of zincblende GaN and InN and wurtzite GaN, A1N and InN. Estimates 

are made of the valence band offsets between wurtzite AIN/GaN and AIN/InN. Finally, in 

Chapter 8, we discuss our results in the context of optical device applications. 



2. PROPERTIES OF THE III-V NITRIDES 

The III-V nitride semiconductors GaN, A1N and InN are of interest for their potential 

applications as short wavelength semiconductor optoelectronic devices. This is due to their 

large direct bandgaps which range continously, as a function of alloy fraction, from the 

orange (InN, 1.9 eV) deep into the ultraviolet (A1N, 6.2 eV). Present day semiconductor 

technology is routinely used for red and yellow light emitters. However, there is as yet no 

semiconductor technology for blue light, the third primary color. If a high efiiciency, low 

cost blue light emitter can be developed, this technology will allow full color displays to be 

manufactured much more cheaply and compactly with semiconductor technology. Short 

wavelength semiconductor lasers are of interest to optical memory designers. By reducing 

, the wavelength of the laser light used for reading and writing, greater bit densities can be 

realized. A semiconductor ultraviolet photodetector is of great interest to the petroleum 

and aviation industries who need in situ diagnostics at these wavelengths for oil drilling 

and aircraft engine combustion processes. These devices need not only be sensitive to the 

ultraviolet spectrum, but must also be stable at high temperatures. The nitrides offer a 

wider bandgap range, better lattice matched alloys, and improved thermal stability when 

compared to the Zn based II-VI semiconductors, the other material system commonly 

considered promising for these applications. 

The III-V nitrides received a good deal of attention in the 1970's and many of the 

fundamental physical properties of the wurtzite polytypes were determined. However, 

interest waned as many researchers were discouraged by the problems encountered in ob- 

taining high quality material. Specifically, all GaN and InN grown at that time suffered 

from a high (~ 1019/cm3) background electron concentration and researchers were unable 

to dope either material p-type. Workers were unable to obtain conductive A1N films which 

limits its usefulness towards optoelectronic applications. All of the nitrides proved to be 
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highly resistant to wet chemical etching, the standard patterning method of the day. In the 

past several years, modern crystal growth techniques have begun to produce III-V nitride 

epilayers of sufficient quality that device development has become feasible. A detailed 

review describing the history and present day status of the nitride field has been published 

[1]. Below, we briefly review the fundamental physical properties of GaN, A1N and InN as 

they are presently understood. 

2.1 GaN 

GaN is by far the best studied III-V nitride semiconductor due to its potential as a blue 

and ultraviolet light emitter. GaN normally crystallizes in the wurtzite crystal structure 

having lattice constants a = 3.189 Ä and c = 5.185 Ä [2], and occasionally in the zincblende 

structure [3,4] having a lattice constant a ~ 4.52 A. Maruska and Tietjen [2] measured the 

lattice constant from 300-900 K and a mean coefficient of thermal expansion of Aa/a = 

5.59xlO_6/K was observed across the entire range. Values of Ac/c = 3.17xlO~6/K and 

7.75xlO~6/K were approximated for the temperature ranges 300-700 K and 700-900 K, 

respectively. Sichel and Pankove [5] measured the thermal conductivity of GaN from 25- 

360 K obtaining a room temperature value of K = 1.3 W/cmK. The properties of both 

GaN polytypes are tabulated in Table 2.1. 



Table 2.1 Properties of GaN 

Wurtzite Polytype 

Bandgap Energy             E8(300K) = 3.39 eV          E8(1.6K) = 3.50 eV 

Temperature Coefficient ^ = -6.0 x 10"4 eV/K         

Pressure Coefficient        ^ = 4.2x 10"3 eV/kbar 

Lattice Constants a = 3.189 A c = 5.185 A 

Thermal Expansion        ^ = 5.59 x !Q-6/K       ^ = 3.17 x lQ-6/K 

Thermal Conductivity    K = 1.3 W/cmK '  

Index of Refraction        n(l eV) = 2.33 n(3.38 eV) = 2.67 

Dielectric Constants       e0 « 9 eoo = 5-35 

Zincblende Polytype 

Bandgap Energy             ES(300K) = 3.2 - 3.3 eV 

Lattice Constant a = 4.52 A  

Control of the electrical properties remains the foremost obstacle hindering GaN device 

efforts. Unintentionally doped GaN has in all cases been observed to be n-type, normally 

in the n = 1017 cm"3 range, with a low value of n = 4 x 1016 cm"3 [6]. This layer's 300 

K and 77 K bulk mobilities of /xn = 600cm2 V"1 s"1 and jin = 1500cm2 V"1 s"1 are the 

highest yet reported. No impurity has been observed in sufficient quantity to account for 

the background carriers in GaN, so the electrons have been attributed to native defects 

which are widely thought to be nitrogen vacancies. 

One of the long standing problems in GaN research has been the search for a shallow 

p-type dopant. Most potential dopants have been observed to compensate GaN producing 

highly resistive material. Only recently has a Mg doping technique which produces p- 

type GaN and AlGaN been reported [7], [8].   N-type doping has only recently become 
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important as background electron concentrations continue to fall. Nakamura et al. [9] have 

successfully doped GaN n-type using Si and Ge. Reproduceable carrier concentrations for 

GaN:Si ranging from 1 x 1017 - 2 x 1019 cm*"3 were reported. 

Since GaN is primarily of interest as a light emitter, much effort has been devoted 

to determining its optical properties and a fairly complete account of the optical prop- 

erties of wurtzite GaN is possible. Maruska and Tietjen [2] were the first to accurately 

measure the 3.39 eV room temperature direct bandgap, and soon after, several excellent 

studies reported on the low temperature photoluminescence (PL) spectrum of wurtzite 

GaN [10], [11], [12]. Pankove et al. [10] reported the bandgap temperature coefficient 

^pjf = —6.0 x 10-4 eV K""1. Ejder [13] first measured the GaN refractive index obtaining 

values of n = 2.67 and n = 2.33 at and below the bandgap respectively. Matsubara and 

Takagi [14] measured a dc dielectric constant of eo = 8.9. 

2.2 A1N 

A1N has some outstanding physical properties that have attracted much interest. Its 

hardness, high thermal conductivity, resistance to high temperature and caustic chemicals 

makes A1N an attractive material for electronic packaging applications. However, the 

majority of interest is directed towards the properties of its alloys with GaN which may 

permit the fabrication of AlGaN based optical devices active well into the ultraviolet. A1N 

is most commonly observed to crystallize in the wurtzite structure with lattice constants 

a = 3.112 Ä and c = 3.112 Ä [15]. Slack [16] measured the thermal conductivity of A1N 

to be K = 2 W/cmK. Yim and Paff [17] measured the thermal expansion coefficient of 

A1N obtaining mean values of Aa/a = 4.2xlO~6/K and Ac/c = 5.3xlO~6/K. In the past 

several years, both a zincblende and a 6H hexagonal A1N polytype have been synthesized 

[18]. Zincblende A1N was reported to have a lattice constant a = 4.38 A [19]. Table 2.2 

summarizes the known structural and optical properties of the various A1N polytypes. 
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Table 2.2 Properties of A1N 

Wurtzite Polytype 

Bandgap Energy Eg(300K) = 6.2 eV Eg(5K) = 6.28 eV 

Lattice Constants a = 3.112 A c = 4.982 A                                                       i 
Thermal Expansion ** = 4.2 x 10"6/K ^ = 5.3 x 10"6/K 

Thermal Conductivity K = 2 W/cmK 

Index of Refraction n = 2.15 ± .05 1 
Dielectric Constants e0 = 8.5 ±0.2 Coo = 4.68 - 4.84 

Zincblende Polytype 

Bandgap Energy Eg(300K) = 5.11 eV (Theory)                                                                      < 

Lattice Constant a = 4.38 A 

Electrical characterization has been limited to resistivity measurements due to the low- 

carrier concentrations resulting from the deep native defect and impurity energy levels of 

A1N. High quality bulk A1N typically has a resistivity in the p = 1011 -1013 ßcm range 

[20]. Dopant incorporation has not yet produced conductive material. Optical absorption 

has been used to measure a room temperature direct bandgap value of 6.2 eV [15]. The 

A1N index of refraction is commonly observed to be n = 2.15±0.05 [21], [22], [23], [24]. The 

long wavelength dielectric constant of A1N has been measured to be e0 = 8.5 ± 0.2 [23], 

[25], [26], [27], Two groups have measured the high frequency dielectric constant reporting 

Coo = 4.68 [25] and e^ = 4.84 [28]. 

2.3 InN 

InN has not received the attention given to GaN and A1N, partly because it has 

proved to be the most difficult of the III-V nitrides to grow, and also because it is active in 

a portion of the electromagnetic spectrum in which alternative semiconductor technology 
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is available. While suffering from the same problems as the other nitrides, InN also has 

rather poor thermal stability [29], [30], and no group has yet grown a high quality single 

crystal film. The wurtzite polytype of InN has lattice constants a = 3.548 Ä and c = 5.760 

A [31]. The zincblende polytype has a lattice constant of a = 4.98 A [32]. Table 2.3 lists 

the properties of InN. 

Table 2.3 Properties of InN 

Wurtzite Polytype 

Bandgap Energy Eg(300K) = 1.89 eV 

Temperature Coefficient * = "LB xlO"4 eV/K 

Lattice Constants a = 3.548 A c = 5.760 A 
Index of Refraction n = 2.80 - - 3.05 

Zincblende Polytype 

Bandgap Energy Eg(300K) = 2.2 eV (Theory) 

Lattice Constant a = 4.98 A 

InN is generally observed to have a high background electron concentration with the 

exception of one report [33] of a room temperature electron concentration and mobility of 

5xl016 cm"3 and 2700 cm2 V-1 s-1 in a polycrystalline film. That same group reported 

the room temperature InN direct bandgap value to be 1.89 eV as measured by optical 

absorption [31]. No experimental investigations of the doping properties of InN have been 

reported since neither the crystal growth or the background electron concentration has yet 

been brought under control. 



3. MBE CRYSTAL GROWTH OF THE IH-V NITRIDES 

In this chapter we describe the experimental details of our nitride crystal growth. 

Section 3.1 overviews the properties of various potential substrates for nitride growth and 

the reasons behind our choice of GaAs and SiC as substrate materials. Section 3.2 outlines 

the pre-growth preparation process used for each substrate material including an original 

procedure developed for SiC substrates. Section 3.3 discusses the epitaxial growth of GaN, 

A1N and InN on those substrates by the plasma enhanced molecular beam epitaxy (MBE) 

technique. Particular attention is paid to critical heteroepitaxial growth issues such as 

initial conditions and buffer layer growth. 

3.1 Substrate Selection 

One of the major problems hindering nitride research is the difficulty in finding a 

suitable substrate material that is lattice matched and thermally compatible with GaN. 

Table 3.1 compares the important structural and thermal properties of various potential 

substrates with those of GaN and A1N. 

Table 3.1 Properties of GaN, A1N and Prospective Substrates 

Substrate 
Material 

Lattice 
Parameters 

Thermal 
Conductivity 

Coefficients of 
Thermal Expansion 

GaN a = 3.189 A 
c = 5.185 A 

1.3 W/cmK 5.59 x 10"6/K 
3.17 x 10~6/K 

A1N a = 3.112 A 
c = 4.982 A 

2.0 W/cmK 4.2 x 10"6/K 
5.3 x 10"6/K 

6HSiC a = 3.08 A 
c = 15.12 A 

4.9 W/cmK 4.2 x 10"6/K 
4.68 x 10~6/K 

Sapphire a = 4.758 A 
c = 12.99 A 

3.5 W/cmK 7.5 x 10-6/K 
8.5 x 10~6/K 

GaAs a = 5.653 A 0.5 W/cmK 6.0 x 10~6/K 
Si a = 5.430 A 1.5 W/cmK 3.59 x 10"6/K 



It is well documented that epitaxial nitride films adopt the symmetry of the substrate 

material [1]. We chose (001) GaAs for the growth of the zincblende nitride polytypes 

and (0001)si 6H SiC for the growth of the wurtzite nitride polytypes. The choice of a 

GaAs substrate was convenient. Our MBE is a modified GaAs system so the growth of 

a homoepitaxial GaAs buffer layer was possible. In this way a clean, defect free surface 

could be prepared for nitride heteroepitaxy. GaAs is, by no means a perfect substrate for 

the zincblende nitrides since the lattice and thermal mismatches are quite large. How- 

ever, the goal of our zincblende nitride work was to make initial investigations into the 

physical properties of these unstudied materials, and in the case of InN, to simply verify 

its existence. 6H SiC is better matched to GaN and A1N which dictated its selection as 

our hexagonal substrate material. SiC substrates have only recently become commercially 

available [34] and we expect many researchers in the near future will switch from sapphire 

to SiC to capitalize on its superior properties as a nitride substrate. The work reported in 

Chapter 7 is among the first accomplished on SiC. 

3.2 Substrate Preparation 

Substrate preparation is a crucial step for epitaxial crystal growth. In the case of 

nitride growth, the preparation is especially important because the growth is heteroepi- 

taxial. Due to the lattice and thermal mismatch, the majority of defects are created at the 

substrate/nitride interface. A smooth, clean initial growth surface is critical for obtaining 

optimal epilayer quality. 

3.2.1 GaAs Substrate Preparation 

In using (100) GaAs substrates, we were able to draw upon many years of experience, 

both in our own laboratory and from around the world. Several standard GaAs substrate 

preparation procedures have been developed over the past twenty years. We chose a 

procedure which has been successfully used in our laboratory for the past ten years. 
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GaAs substrates were initially degreased by organic solvents to remove hydrocarbons 

from the surface. Substrates were boiled (~ 80°C) then rinsed in 1-1-1 trichlorethane 

three times before rinsing in acetone, methanol and finally deionized water (DI). Before 

etching, metallic impurities were removed from the substrate surface in hot (80° C) H2SO4. 

Etching is necessary to remove surface material which has been damaged by mechanical 

polishing by the vendor. Our substrates were etched for several minutes in warm (50°C) 

H2S04:DI:H202 (5:1:1) which removed approximately 100 /xm of GaAs leaving a volatile 

protective surface oxide. The etch was terminated by a dip into HC1 followed by an 

extended rinse in DI. Samples were blown dry using filtered N2. 

For introduction into the vacuum chamber, the GaAs substrates were mounted onto 

Mo sample holders using In solder. The use of In solder ensured the adherence of the 

substrate to the Mo holder to temperatures up to 700°C. The In also provides excellent 

thermal contact leading to good temperature uniformity across the substrate during crystal 

growth. The substrates were rapidly transported to the vacuum chamber and introduced 

into the load lock where completely oil free pumps were used to attain ultra high vacuum 

(UHV). 

Once a load lock pressure of 10"6 torr was reached, samples were mechanically trans- 

ferred into the transfer tube (base pressure 10-9 torr) which acts as the second vacuum 

buffer between the MBE system and the ambient. In the transfer tube, samples were 

outgassed at 200° C on a tantalum heater. Outgassing is necessary to desorb volatile gases 

from the substrate surface as well as to remelt the In solder allowing trapped gases to 

escape. After one half hour of outgassing, the transfer tube pressure generally returned 

to its base value and the substrate and the holder were ready for transfer into the MBE 

system. 

11 



In order to reach the growth temperature, the substrate and holder were heated using 

a tantalum heater. The temperature was monitored by an optical pyrometer. When the 

sample temperature reached 500°C, an As flux was supplied at the substrate surface to 

prevent a depletion of surface As. The GaAs native oxide generally desorbed at ~610°C. 

The desorption was directly observed by in situ reflection high energy electron diffraction 

which monitored the conversion of the amorphous oxide to the clean reconstructed (2x4) 

As-stabilized GaAs surface. Once oxide desorption was complete, the substrate tempera- 

ture was decreased to 580°C and the GaAs buffer layer growth was commenced. 

3.2.2 SiC Substrate Preparation 

SiC substrates cannot be prepared in a manner similar to GaAs. This is due to the 

resistance of SiC to chemical etches and the thermal stability of its oxide. To successfully 

prepare SiC substrates for nitride heteroepitaxy, a completely new procedure needed to be 

developed [35]. 

The (0001)si face of SiC has only Si dangling bonds in the ideal case (Fig. 3.1). It is 

quite similar to the (111) Si face, differing though the presence of C atoms in the atomic 

plane directly below the surface. We therefore expected that (0001 )si would have chemical 

properties similar to (111) Si and that standard Si preparation procedures [36], [37] could 

be adapted to SiC. Specifically, we developed a SiC preparation procedure using HF to 

hydrogen passivate surface Si dangling bonds followed by in situ cleaning of the substrate 

in a H2 plasma 

The SiC substrates were degreased in a manner identical to that described above for 

GaAs. Metallic impurities were removed in a heated (80°C) r^SCvHNOs (1:1) solution. 

A surface oxide was grown in a 60°C HC1:H202:H20 (5:3:3) solution and then stripped in 

a diluted H20:HF (10:1) solution. These two steps were repeated several times in order 
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.89Ä 

0.63A 

O c atom 

\§B    Si atom 

Fig. 3.1. Crystal structure of the (OOOl)si 6H SiC face. Each surface Si atom has a single 
dangling bond which is passivated by a hydrogen atom. 
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to remove damaged or contaminated surface material. A final HF dip was performed 

which was intended to passivate the surface Si dangling bonds with hydrogen in the same 

manner observed on Si substrates [36]. The substrates were then mounted on Mo blocks 

with In solder, introduced into the vacuum system, and outgassed. For comparison, some 

substrates were introduced into the system without the final HF passivation step. 

For the H2 plasma treatment, the substrates were transferred under UHV into a 

chamber equipped with an electron cyclotron resonance plasma source (see Section 3.3.2) 

located directly above the sample at a distance of 30 cm. The substrates were then exposed 

for 90 min in a H2:He (1:1) plasma at 5 xlO"4 torr at 650°C. Samples were cooled to 

below 200° C under a H2 overpressure before transfer so that surface hydrogen would not 

• be thermally desorbed. 

To understand the chemistry of our preparation procedure, the SiC substrate surfaces 

were studied in-situ by x-ray photoemission spectroscopy (XPS) which is a sensitive surface 

analysis technique. All sample transfers were performed under UHV conditions resulting 

in undetectable levels of surface contamination. All spectra were taken using Mg Ke x- 

rays at a 30° photoelectron escape angle. Figure 3.2 compares the Si 2p3/2 peaks of two 

SiC substrates.   The spectrum labelled (a) was taken from a SiC substrate loaded into 

the vacuum after the oxide growth cycle but without the HF passivation. Spectrum (b) 

corresponds to a sample that received the full preparation including the final HF dip. 

The high energy tail observed in the unpassivated case corresponds to SiOx bonds which 

have binding energies from 0.8 to 4.0 eV above the Si 2p3/2 peak depending on the oxidation 

state [38]. In the HF passivated case, the Si 2p3/2 peak is symmetric with no observable 

tail indicating that the quantity of SiOx bonds is below the XPS detection limit. After the 

final H2 plasma clean no further change in the Si 2p3/2 signal was detected. We conclude 

from our XPS data that the final oxide strip successfully removes all of the oxygen from the 
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surface Si dangling bonds and the HF dip protects the surface from oxygen contamination 

by passivating the Si dangling bonds with hydrogen. 

However, the C ls!/2 spectrum of the HF passivated substrate continued to show a 

significant high energy tail in which two peaks are resolved (Fig. 3.3, spectrum (a)). The 

higher energy peak is consistent with surface fiourocarbons resulting from residual F from 

the HF dip bonding to C. The presence of F was confirmed by observing the F lsi/2 signal. 

The lower energy peak is consistent with the known chemical shift caused by graphitic C 

bonding which could only occur on a disordered SiC surface. Both peaks rise above a high 

energy background tail in the C lsj/2 signal. This background is evidence of some C-0 

bonds as well. Since an ideal (0001)si face has only Si atoms at the surface (Fig. 3.1), 

C-0 bonding can occur only at surface steps, at points of surface disorder, or be caused 

by some form of subcutaneous oxidation. In order to investigate subcutaneous oxidation, 

the C lsi/2 spectrum was examined at a 60° degree collection angle which is less surface 

sensitive. The magnitude of the high energy tail decreased markedly compared to the 30° 

scan from which we conclude that the C-F, C-C and C-0 bonding occurs in the top several 

monolayers. 

After H2 plasma cleaning, the high energy C lsi/2 tail was reduced to below the XPS 

detection limit (Fig. 3.3, spectrum (b)). This indicates that the H2 plasma was successful 

in removing surface 0 and F, and was able to etch the graphitic C. To investigate whether 

the H2 plasma treatment preferentially depleted surface Si or C atoms, the integrated peak 

areas of the Si 2p3/2 and C lsj/2 peaks were compared at large and small angles before and 

after plasma exposure. No significant change in the relative intensities of the signals was 

observed indicating that the relative concentration of surface and bulk Si and C remains 

the same. We conclude that the H2 plasma does not have the deleterious effect of removing 

C from Si-C bonds. 
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3.3 Crystal Growth 

The major difficulty in growing nitrides, regardless of the growth method employed, 

is incorporating stoichiometric quantities of nitrogen into the bulk film. MBE is a very 

powerful growth technique which has recently been applied to the nitride crystal growth 

problem [1]. In order to obtain reactive nitrogen species in an MBE growth environment, 

electron cyclotron resonance (ECR) microwave plasma sources were used. 

3.3.1 Overview of MBE 

Figure 3.4 is a schematic of the Perkin Elmer 430 MBE which was used to grow the III- 

V nitride semiconductors. The MBE technique essentially impinges atomic or molecular 

beams of reactants onto a heated substrate where they react causing the epitaxial growth 

of a crystal. For the III-V nitrides, solid source Ga, Al and In are used for the group 

III flux while plasma activated nitrogen provides the group V constituent. The group III 

fluxes rates are precisely controlled by the Knudsen cell temperature and can be abruptly 

turned on and off by opening and closing a shutter positioned between the group III oven 

and the substrate. The MBE crystal growth technique is capable of providing monolayer 

thickness control and atomically abrupt interfaces. 

The substrate temperature is monitored by an optical pyrometer which observes the 

infrared portion of the substrate blackbody spectrum. The temperature is controlled by 

an external power supply connected to a resistive tantalum wire heater. The epitaxial 

surface can be studied in situ by reflection high energy electron diffraction (RHEED). All 

materials introduced into the MBE vacuum are of the highest available cleanliness. The 

inner portion of the growth chamber is encased within a liquid nitrogen cryoshroud which 

effectively cryopumps the background gases producing the cleanest growth environment 

possible. 
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Fig. 3.4. Schematic of plasma enhanced MBE growth chamber using an ECR nitrogen 
plasma source. 
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3.3.2 ECR Microwave Plasma Sources 

As alluded to in Chapter 2, incorporating stoichiometric quantities of nitrogen into 

the epitaxial film has been the greatest challenge faced by crystal growers. Early nitride 

growth efforts typically produced GaN having background electron concentrations in the 

1019/cm3 range [2]. The electron background has generally been attributed to nitrogen 

vacancies. Recent advances in crystal growth technology have allowed improved nitride 

films to be grown. Vapor phase growth techniques rely on high substrate temperatures (~ 

1000°C) to thermally crack NH3 molecules [6]. MBE systems typically operate at substrate 

temperatures in the 600-700°C range so some other method of nitrogen incorporation must 

be found. 

Plasma excitation of nitrogen or nitrogen containing molecules for III-V nitride growth 

has been studied for over twenty years [29], [39], [40]. Early workers used rf (13.56 MHz) 

plasmas which had many disadvantages including high ion energies and unfavorable plasma 

source geometries. In the past four years, we have seen a revitalization of plasma-based ni- 

tride research which has been stimulated by the development and commercial availability of 

MBE compatible compact ECR microwave plasma sources. For our nitride crystal growth, 

we used two different commercial ECR designs which performed roughly equivalently. The 

two source schematics are shown in Figs. 3.5 and 3.6. 

These sources operate at 2.45 GHz instead of 13.56 MHz. The shorter wavelength 

allows the plasma to be lit in the small volume available in an MBE source flange. To 

better meet the low pressure requirements of MBE, ECR sources introduce a magnetic field 

designed to match the electron cyclotron frequency to 2.45 GHz. Resonant absorption 

by the electrons greatly enhances the coupling of the microwave input to the plasma. 

Each source is compact, allowing it to be inserted into the source flange and through the 
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cryoshroud of an MBE chamber. The plasma enjoys a direct line of sight to the substrate 

so that collision losses are minimized. 

The Wavemat MPDR 610 ECR source (Fig. 3.5) uses a coaxial cavity geometry. 

The cylindrical cavity region is denned by the outer wall and an inner coaxial short. The 

remainder of the cavity is defined by the sliding back short, which allows the length of the 

cavity to be varied for tuning, and by the plasma itself which acts as a lossy conductor. 

Microwave power is coupled into the cavity by a loop antenna positioned on the sliding 

back short. Fine tuning is achieved by adjusting the position of the coaxial conductor. 

Wavemat uses a permanent magnet to provide the magnetic field which creates several 

ECR surfaces within the plasma. Because a permanent magnet is used, the Wavemat 

source requires only air cooling. 

The ASTEX CECR source (Fig. 3.6) uses a geometry in which microwave energy 

propagates along a waveguide into the plasma discharge region. The magnetic field is 

provided by a water cooled electromagnet. Due to the cylindrical symmetry, the electro- 

magnets provide a uniform magnetic field so that the ECR condition exists throughout 

the entire plasma volume. Tuning is accomplished both by an external matching circuit 

and by adjusting the magnetic field and gas flow. 

ECR sources have been successfully applied towards the MBE growth of all of the 

III-V nitrides [32], [35], [41], [42], [43], [44], [45], [46]. We have noticed several problems. 

The largest of these is the tradeoif between growth rate and ion damage. Because of the 

stringent space restrictions placed on plasma source designers by existing MBE source 

flange designs, optimal plasma geometries are not possible. To operate at low pressures 

in non-optimal geometries, high field conditions are introduced leading to the creation of 

energetic ions which damage the bulk film. When grown at high plasma power (200W), 
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GaN films are highly defective. This observation is consistent with that of other researchers 

[47]. To obtain better quality material, we found it necessary to operate at lower power 

levels at the expense of high growth rates. GaN growth rates in the 0.1 fim/hi range, a 

tenth of typical vapor phase epitaxy growth rates [6], were used to achieve our best material 

quality. However, since GaAs is poorly matched to the nitrides, the growth of thick layers is 

desirable to isolate the epilayer from the deleterious effects of the substrate. Subsequently, 

a typical GaN growth run require one to several full days to obtain a reasonable film 

thickness. 

3.3.3 Growth on GaAs substrates 

Because of the poor thermal and lattice match between the nitrides and GaAs, much 

care had to be taken during the initial stages of epitaxy. In any heteroepitaxial system, the 

majority of defects generally are nucleated at the substrate/epilayer interface and at three 

dimensional islands. Ideally, epitaxy should occur in the form of layer by layer growth on a 

two dimensional surface. Often the challenge of heteroepitaxy is to obtain uniform surface 

coverage as quickly as possible so that the crystal growth can become two dimensional. 

The initial growth conditions are therefore the most critical point of the growth. 

In our early efforts, GaN growth was initiated by simply replacing the As flux with 

the nitrogen plasma stream and reducing the Ga flux to match the availability of nitrogen 

radicals [44]. Interfaces grown in this manner were studied by RHEED and by transmission 

electron microscopy (TEM). Figure 3.7 shows the electron diffraction patterns obtained 

along the [Oil] and [Oil] azimuths during GaN heteroepitaxy on GaAs substrates. Figure 

3.7 (a) shows the spotty diffraction pattern observed after 27 A of GaN heteroepitaxy. 

The spottiness is indicative of three dimensional island growth. Figure 3.7 (b) was taken 

after the growth of 100 A of GaN. Diffraction lines were visible but diffuse and spotty 
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indicating that considerable surface roughness remained. It was not until 500 Ä of GaN 

was grown that a smooth GaN growth front was obtained as was evidenced by the sharp 

(2x2) reconstruction in Figure 3.7 (c). 

Electron micrographs of the heterointerface support the RHEED data. Figure 3.8 is a 

TEM image of the same GaN/GaAs interface. Significant roughening (of the order of 100 

A) of the initially smooth GaAs surface occurred as a result of GaN heteroepitaxy. Large 

disordered regions are apparent at the interface (arrow 1). Points of maximum interface 

roughness serve as the nucleation sites of the majority of defects which are seen to propagate 

into the bulk GaN film (arrow 2). It was therefore determined that a growth initiation 

procedure which minimized surface roughening and disorder needed to be developed in 

order to grow the highest quality GaN. 

' Several different initial growth procedures were monitored by RHEED. We noticed 

the most significant improvement when the Ga flux was shuttered during the initial stages 

of growth [48]. Specifically, after the growth of the GaAs buffer layer, the Ga shutter was 

closed and the Ga cell temperature was adjusted to provide a 0.1 fim/hx GaN growth rate. 

In the meantime, N2 was introduced into the chamber and a plasma was lit. Simultane- 

ously, the As shutter was closed and the ECR and Ga shutters were opened. After an 

amount of Ga sufficient to grow a single monolayer had been provided, the Ga shutter 

was closed for an equal amount of time. In this way, we hoped to allow the surface Ga 

atoms sufficient time to migrate until they found a free N atom with which to bond. We 

continued to open and close the Ga shutter periodically during the growth of the initial 

100 Ä of GaN. 

Figure 3.9 shows the progression of RHEED patterns which were observed when the 

above growth initiation was carried out.  In Fig.  3.9 (a), diffraction streaks are evident 
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Fig. 3.7. RHEED photographs of GaN/GaAs epitaxy,   (a) Spotty surface after 27 A 
indicating roughness during initial stages of heteroepitaxy. (b) Diffraction lines 

become visible after 100 A of GaN deposition, (c) Sharp (2x2) RHEED after 

500 A of deposition. 
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after the deposition of only 14 Ä of GaN with the (2x2) reconstruction already beginning 

to emerge along the [Oil] azimuth. After 27 A of GaN growth, the second order diffrac- 

tion lines are clearly observed (Fig. 3.9 (b)) and after 100 A of GaN heteroepitaxy we 

have attained the optimal sharp (2x2) reconstruction (Fig. 3.9 (c)). Once the smooth 

GaN surface was realized, two dimensional growth could be maintained thereafter under 

continuous Ga flux. 

Electron microscopy confirmed that GaN grown on GaAs using the above initiation 

procedure had a significantly smoother interface with the GaAs. Figure 3.10 shows TEM 

images taken on a GaAs/GaN/GaAs heterostructure in which it was possible to grow a con- 

tinuous 45 Ä thick GaN interlayer between GaAs layers. The continuity and quality of the 

GaN interlayer was verified by the fabrication of semiconductor-insulator-semiconductor 

diodes [48], [49] which will be described in Chapter 6. Figure 3.11 is a high resolution 

image highlighting the microstructure of the GaN interlayer. Arrow 1 indicates a region 

of mild interface roughness above which the GaN is heavily defected. Arrow 2 highlights 

an atomically abrupt region of the interface above which the GaN is perfect. 

We noted earlier that GaAs substrates are not an ideal substrate material for GaN 

heteroepitaxy due to the large thermal and lattice mismatches. GaN is an extremely hard 

material as a result of its tight bonding. Early workers noted that 100 fim thick GaN 

epilayers were capable of cracking their sapphire substrates. Even a relatively thin (3000 

A) GaN epilayer can damage the much thicker GaAs substrates on which they are grown 

as a result of stress created during the post growth cooling [44]. 

3.3.4 Growth on SiC Substrates 

SiC is a much more ideal substrate material for epitaxial nitride growth due to its 

excellent thermal and lattice matches with all of the nitrides, A1N in particular.   After 
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Fig. 3.9. RHEED photographs of GaN/GaAs epitaxy employing shuttered initial Ga 

flux, (a) Streaks apparent after 14 A of growth, (b) Second order evident after 

27 A of growth, (c) Sharp (2x2) reconstruction after 100 A of GaN. 
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Fig. 3.10. Electron micrograph of a GaAs/GaN/GaAs heterostructure in which the initial 
Ga flux was shuttered. 
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Fig. 3.11. High resolution micrograph of the same structure shown in Fig. 3.10. Arrow 1 
indicates a region of interface roughness at which numerous planar defects are 
nucleated. Arrow 2 points to a smooth region with excellent GaN crystallinity. 
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performing our preparation procedure, we observed that the initial nitride overgrowth 

proceeded in a two dimensional manner across a broad range of growth temperatures and 

rates. The major concern faced in nitride heteroepitaxy on SiC substrates is avoiding the 

formation of amorphous SiNx at the interface [50]. This can be avoided by depositing a 

monolayer of Ga or Al onto the clean (0001)Si surface before exposure to nitrogen [18]. 

Photoelectron spectroscopy has been used to used tb determine that Ga, not N, bonds 

preferentially to surface Si atoms on the (OOOl)si face of SiC [51]. Therefore, by initiating 

with a group III prelayer, in addition to avoiding the formation of SiNx, we promote the 

preferred interface bonding for this system. Since only thin layers were necessary for the 

photoemission experiments, conservative growth rates of 30 nm/hr were employed. GaN 

and A1N were grown at a substrate temperature of 680°C. InN was grown at 490°C. 
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4. THE ZINCBLENDE NITRIDES AND POLYTYPISM 

When our investigation of the III-V nitride semiconductors began, researchers had 

not yet solved many of the problems hindering the development of wurtzite GaN. We 

decided to investigate the little studied zincblende nitride polytypes with the hopes that 

the cubic materials were also wide bandgap semiconductors, yet easier materials to dope 

and process. In this chapter we will briefly review the crystal structures of the various 

nitride polytypes and then describe the structural properties of InN and GaN thin films 

grown on (001) GaAs substrates. 

4.1 Wurtzite and Zincblende Crystal Structures 

The difference between the wurtzite and zincblende crystal structures (Fig. 4.1) lies in 

the stacking sequence of double layers of group III and N atoms. The wurtzite structure has 

an AB AB AB... stacking sequence along its [001] direction which gives rise to the commonly 

employed shorthand of 2H for this polytype. The number 2 denotes the periodicity of the 

stacking while H refers to the overall hexagonal symmetry of the crystal. Similarly, the 

zincblende structure, with its ABCABC... stacking sequence along the [111] direction 

is often denoted as 3C, due to its 3 plane periodicity and overall cubic symmetry. A 

common defect in these crystal structures is the stacking fault, in which the ideal stacking 

sequence is broken. In both structures, the atoms are tetrahedrally coordinated with almost 

identical nearest neighbor spacings. In the zincblende structure, one atom's bonds are 

rotated 60° with respect its neighbors, while in the wurtzite structure there is no rotation 

between adjacent atoms (Fig 4.2). In other materials which crystallize in both the 2H and 

3C polytypes, such as SiC, the similarity in atomic environment leads to similar overall 

properties although their bandgaps differ by 1.1 eV. In the case of the nitrides, existing 

theoretical work predicted that the zincblende GaN [52], [53] and InN [54] polytypes would 

have direct bandgaps roughly equal to those of the wurtzite polytypes. 
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Nitride Polytypes 

Wurtzite GaN 

t (0001) 

Zincblende GaN 
•- N 
o- Ga 

t (111) 

Fig. 4.1. Crystal structure of two most common nitride polytypes. Wurtzite (top) has the 
hep unit cell with an ABABAB... stacking sequence normal to its (0001) face. 
Zincblende (bottom) has an fee unit cell with an ABCABC... stacking sequence 
normal to its (111) face. 
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Fig. 4.2. The local environment of atoms in the two crystal structures differs by a 60° rotation 
of adjacent tetrahedral bonds in the zincblende case. 
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4.2 Structural Properties of InN Thin Films Grown on GaAs 

Figure 4.3 is a low resolution transmission electron micrograph (TEM) taken at the 

GaAs substrate - InN epilayer interface in the cross sectional geometry. Selected area 

diffraction patterns identified the presence of an unintentionally grown InAs interlayer, 

roughly 80 nm thick, between the GaAs substrate and the InN epilayer. The As background 

pressure in the chamber was insufficient to account for the growth of such a thick InAs 

layer. We surmise that As was drawn from the GaAs substrate to react with impinging 

In atoms on the surface. An inclusion of InAs into the GaAs substrate is clearly visible in 

Fig. 4.3 which lends weight to the supposition of a solid phase reaction with the substrate. 

The InN film is highly disordered with a large number of stacking faults running along the 

<111> planes. 

Figure 4.4 shows a high resolution lattice image of the InN film which reveals the 

coexistence of both 2H and 3C InN polytypes. This is the first observation of zincblende 

InN in nature. In some regions, pure zincblende InN is obtained, whereas adjacent areas 

are wurtzite. The zincblende InN is oriented epitaxially to the GaAs substrate while the 

c axis of the wurtzite InN is normal to the zincblende (111) plane. In other words, the 

stacking direction of both polytypes are parallel and the domains are bounded by a stacking 

fault. In other more heavily faulted regions (Fig. 4.5), it becomes impossible to identify 

either phase because there is no long range stacking order. 

Figure 4.6 shows two types of stacking faults. The fault in Fig. 4.6 (top) introduces 

dislocations at the termination of the atomic plane and therefore acts as a form of strain 

relief. Figure 4.6 (bottom) illustrates a stacking fault which introduces no dislocations. 

Such a stacking fault can occur if the epitaxial material is grown on zincblende (111) or 

wurtzite (0001) surfaces so that growth occurs in a plane by plane manner in the stacking 
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Fig. 4.3. Low resolution TEM micrograph of an InN epilayer interface with the GaAs sub- 
strate. An unintentionally deposited InAs interlayer (~ 80 nm) is present between 
the GaAs substrate and the InN film. A high density of stacking faults appears 
along both <111> planes of the InN. 
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Fig. 4.4. High resolution TEM micrograph of the InN film showing the boundary between 

wurtzite (upper left) and zincblende (lower right) domains. The boundary runs 

normal to the stacking direction of both crystals. 
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Fig. 4.5. High resolution TEM micrograph of the InN film showing heavily faulted material 
having no long range stacking order. 
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Fig. 4.6. Schematic of two types of stacking fault defects. For growth not along the stacking 
direction, stacking faults require the termination of an atomic plane (top) at a 
dislocation. Along the stacking direction (top), the sequence can change without 
dislocations creating a coherent heterojunction. Polytype conversion requires a 60° 
rotation of the crystal above the stacking fault to accomodate the wurtzite bonding 

sequence (see Fig. 4.2). 
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direction. SiC researchers have been aware of this possibility for a coherent interface 

for some time and the same idea may be used for the III-V nitrides in the future. If the 

bandgaps of the two polytypes are different, the resulting interface will be a heterojunction, 

yet an isoelectronic one in which troublesome autodoping and interface charge effects are 

non-existent. 

To understand the mechanisms governing the growth of InN thin films on (001) 

zincblende substrates, one must consider both the relative formation energies of the two 

InN polytypes and the lattice mismatch between InN and GaAs (or InAs, in this specific 

case). We believe that the zincblende InN poly type is metastable and that the wurtzite 

phase has a significantly lower formation energy. We base this supposition on the fact that 

all polycrystalline InN thin films grown previously on a wide variety of substrates have 

exhibited only wurtzite structure. It is therefore the zincblende template provided by the 

(001) substrate which is responsible for the epitaxial growth of the 3C InN. Due to the 

high level of lattice mismatch present, dislocations are expected to form immediately (dur- 

ing the first monolayer of growth) in the epitaxial InN. We believe that these dislocations 

serve as nucleation sites for stacking faults. The dislocation/stacking fault mechanism not 

only lowers the total energy by relieving strain, but it allows wurtzite InN domains to be 

formed which have a lower bulk energy than the metastable zincblende InN polytype. 

A conventional 0 — 28 x-ray diffraction measurement was used to accurately determine 

the lattice constant of zincblende InN (Fig. 4.7). Both the (200) (28 = 36.037°) and the 

(400) (28 = 76.520°) zincblende InN peaks were observed alongside the corresponding 

substrate peaks which confirms the zincblende material to be epitaxial to the substrate. 

To determine the lattice constant and the experimental error, the GaAs (200) K& and 

the GaAs (400) Kai and K02 peaks were used as a standard to correct for instrumental 

shift and broadening.   From the (200) and (400) InN peaks, the zincblende InN lattice 

41 



o 
o 

o 
o 

co 
< 
o 
o 

.o 
00 

.o 

ID 

.o 
ID 

i-SC 

to « 
in r*- 

o 
o 
CM 

o 
o 
CM 

CO 
< o 
Ü 

I I I I I I I I 'I I I 

o 
o 
o 
o 
m 

o o o 
in 
■*- 

o 
o 
o 
o 

I I I I I I I I I 

o 
o 
o 
m 
to 

l i i i i l i i i i | i i i i | 11 i i | i i i i | i i i i 

.m CM 

.o 

m 
ro 

.o 

CN 
o 
o 
o 
o 
ro 

O 
o 
o 
m 
CM 

o 
o 
o 
o 
CM 

o 
o 
o 
m 

o 
o 
o 
o 

o o o 
in 

D9S   }/A}ISU9}U| 

■+3 

.3 •*» 

CO 

■a 
cu 
o 
o 

o o es 
a; 

M 
C 

.0 
CO 

>»   « 

CO    *■" 

■< co 
«5 .5 

%i 

* -I 

bb 
fa 

42 



constant was determined to be a = 0.498 db .001 nm. Measurements of high resolution 

TEM micrographs and selected area diffraction patterns, while intrinsically less accurate, 

gave a value of 0.495 ± .005 nm. A rocking curve taken of the (200) InN peak had a full 

width at half maximum of 3° after instrumental width correction which is quite large and 

is in accordance with the poor overall film quality and small domain sizes observed by 

HRTEM (Fig. 4.8). 

Notice that the 8-26 x-ray scan does not detect the presence of the wurtzite InN since 

no wurtzite planes satisfy the Bragg condition in this geometry. Following the work of Lei 

et al. [45], [46] who used triple axis x-ray diffractometry to observe zincblende domains 

in bulk wurtzite GaN, we measured the wurtzite phase by rotating the sample to 28 = 

51.60° and x « 65° aligned to the (110) peak of the wurtzite domains observed by TEM. 

This orientation is revealing because it is normal to the stacking direction of both poly type 

domains, i.e. [001] for wurtzite, [111] for zincblende. When rotating around the (110) axis 

(4 axis in our geometry) the ABABAB stacking of the wurtzite polytype is expected to 

produce the four equally spaced peaks corresponding to the four <110> planes. This was 

indeed experimentally observed (Fig. 4.9) which confirms the crystallographic relationship 

of the 2H and 3C InN domains observed by TEM, and reinforces the notion of stacking 

faults as the nucleation mechanism of the wurtzite domains. The lattice constants of the 

wurtzite polytype were calculated to be a = 0.36 ± .01 nm from the (110) peak and c 

= 0.574 ± .001 nm from the (002) peak which are in good agreement with previous work 

[31]. 

4.3 Structural Properties of GaN Thin Films Grown on GaAs 

A similar study was performed on GaN thin films grown on (001) GaAs substrates. 

Our samples represent the first structural analysis of zincblende GaN following the initial 
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work of Mizuta et al. [4] who estimated the lattice constants of zincblende GaN, also 

grown on (001) GaAs. Figure 3.8 is a TEM micrograph showing the GaN/GaAs interface. 

As was the case for InN films, numerous stacking faults are evident in the GaN epilayer. 

However, high resolution TEM found no evidence of large wurtzite domains in the several 

zincblende GaN samples studied. TEM is a highly selective technique with which it is only 

possible to view a tiny volume of the total film, so it'is not possible to state categorically 

from the TEM evidence that wurtzite domains do not exist in our zincblende GaN films. 

However, we can say that if wurtzite domains are present, they exist in significantly less 

quantity in these GaN films. 

k 8 — 28 x-ray diffraction measurement was used to determine the lattice constant 

of zincblende GaN. Figure 4.10 shows the (200) GaN peak which was observed at 28 

= 40.10° from which the lattice constant of a = 0.454 ± .002 nm was calculated in a 

manner identical to that used for InN. The width of the rocking curve was 96 min. (Fig. 

4.11) which, while significantly less than the InN value, is still quite high. We attribute 

this to the high defect density stemming from the large lattice mismatch and the relative 

thinness of our films (~200 nm) which causes a larger fraction of the total GaN volume to 

be disturbed by the presence of the mismatched GaAs substrate. When the sample was 

rotated in the x-ray diffractometer to the correct coordinates, (011) wurtzite peaks were 

observed at 90°C intervals (Fig. 4.12) indicating the presence of a wurtzite component in 

the bulk zincblende GaN film. 

Based on our TEM results, we believe that the wurtzitic component in our films exists 

as small domains near some of the numerous stacking faults, and not in larger polytype 

domains as was the case for our InN films. The GaN was grown on the (001) GaAs face, 

and based on the excellent RHEED (Fig. 3.9), we can assume that the growth proceeded 

in a layer by layer mode in that direction. A stacking fault, defining a polytype domain 
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boundary, must then be of the type shown in Fig. 4.6 (top), involving a dislocation at 

either end, since growth does not follow the stacking direction. Many dislocations are 

present, as a result of the large lattice mismatch, and these act as nucleation sites for the 

stacking faults. The question becomes why do we not see large wurtzite GaN domains? 

We believe that the formation energies of wurtzite and zincblende GaN are roughly 

equal. It is then not energetically favorable, as it is in the case of InN, to nucleate a large 

wurtzite domain. To do so would require the formation of a polytype domain bounday as 

the crystal continues to grow along the [001] direction. Due to the equivalent formation 

energies of the two polytypes, the wurtzite domain does not find it to be energetically 

favorable to fight the wishes of the adjacent crystal structure and reverts quickly back to 

zincblende stacking. There is ample experimental evidence in the literature which supports 

our supposition of equivalent formation energies between the two GaN polytypes. Lei et 

al. [46] reported x-ray diffraction evidence of zincblende GaN in bulk wurtzite GaN films 

grown on (111) Si. Humphreys et al. [55] has reported the growth of bulk zincblende GaN 

on (0001) sapphire substrates at reduced temperatures. This proves that, under certain 

growth conditions, zincblende GaN is the favored phase. 

The above data leads to an interesting point which is not fully appreciated in the 

literature. Nearly all nitride films grown to date have been deposited on either (111) cubic 

or (0001) hexagonal substrates on which growth proceeds along the stacking direction. 

Neither of these substrate orientations serves as a template for either polytype and the 

atomic planes are free to order in the manner dictated by thermodynamics. Numerous 

others have reported wurtzite GaN grown on (111) cubic and (0001) hexagonal substrates. 

In most cases, their determination was based on 8 — 20 x-ray diffraction measurements 

which were not supported by TEM or more detailed x-ray investigation. In the 2H and 3C 

crystal structures, the spacing between planes in the stacking direction is nearly identical. 
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Therefore, 6-26 x-ray diffraction measurements will obtain virtually the same data for 

either film type. We suspect that several workers have falsely assumed their GaN to 

be wurtzite based on 6 - 26 x-ray analysis. In the future, we feel strongly that further 

characterization must be done before any positive determination of crystal structure can 

be made. 
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5. OPTICAL PROPERTIES OF ZINCBLENDE GaN 

The motivation of our investigations of the zincblende nitride polytypes was to eval- 

uate their potential as a short wavelength optical material. Having successfully grown 

zincblende GaN on GaAs, our next step was to evaluate its fundamental optical proper- 

ties. Section 5.1 discusses our cathodoluminescence investigations of the 3C GaN optical 

spectrum which revealed several near bandedge peaks and allowed us to estimate the 

bandgap energy and its temperature dependence [44]. In Section 5.2, we report on the 

spectral dependence of the index of refraction was measured by optical reflectivity. 

5.1 Cathodoluminescence 

For cathodoluminescence (CL) studies of the optical quality of the zincblende GaN, 

the sample was mounted in an ultra high vacuum environment and spectra were obtained 

at various temperatures ranging from 4 K to 280 K. Figure 5.1 shows the CL spectra 

obtained at 4 K, 77 K and 280 K over a broad wavelength range. Each spectrum displays 

a broad midgap emission at energies slightly above 2 eV which becomes more dominant as 

the temperature is increased. Such midgap emissions are commonly observed in mediocre 

quality semiconductor samples as a result of impurities or other defects which act as midgap 

recombination centers. Numerous other workers [12], [50], [54], [56] have observed a similar 

broad emission in hexagonal GaN as a result of impurities or poor crystal quality. On the 

positive side, for the first time, a good deal of structure is apparent in the vicinity of 3.2 

eV, especially at the lower temperatures. 

Figure 5.2 shows the same spectra in the narrow range containing the detailed struc- 

ture. A total of seven peaks are resolved and their positions at various temperatures are 

summarized in Table 5.1. On the high energy side, three peaks, labeled a, b, and c in order 

of descending energy, are clearly resolved. The peaks are roughly evenly spaced in energy. 
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No notable temperature dependence is apparent, although the relatively low intensity of 

these peaks makes any measurement of their temperature dependence imprecise. A weaker 

fourth peak situated near 3.52 eV (a') is also detected. It is most prominent in the 53 

K spectrum shown in Fig. 5.3. The location of these peaks are consistent with the low 

temperature luminescence spectra observed in wurtzite GaN [12], [56] whose bandgap is 

3.5 eV at 1.6 K [56]. The relatively low intensity of the wurtzite signal is expected in light 

of the structural evidence presented in the previous chapter. 

Table 5.1 Temperature Dependence of Cathodoluminescence Peaks 

Peak 4K 53 K 280 K 

3.267 eV 3.262 eV 3.206 eV a 

ß 3.183 eV 3.196 eV 

3.096 eV 3.106 eV 

3.48 eV 3.48 eV 

3.44 eV 3.43 eV 

3.38 eV 3.38 eV 

'3.51 eV ~3.52 eV 

The three most intense peaks, labeled a, /?, and 7 in order of decreasing energy, have 

different temperature dependences. At 4 K the 3.18 eV ß peak dominates the spectrum. 

As the temperature increases, the a peak becomes predominant with the ß peak falling 4 

off rapidly in intensity. The a peak shows a marked temperature dependence, shifting to 

lower energy as the temperature is raised, while the ß and 7 peaks shift to higher energy. 

At 280 K, only the a peak, now shifted to 3.21 eV, is resolved. 

Because there are no optical data for cubic GaN available in the literature, we must 

speculate as to the nature of the a, ß and 7 peaks. It is enlightening to compare our data q 

with that of wurtzite GaN. Based on the photoluminescence data of Dingle et. al.  [11], 
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we believe that our a and ß peaks may also be the free electron-bound hole and donor- 

acceptor (D-A) pair recombination signals, respectively. In wurzite GaN, those workers 

reported a high-energy band (HEB) superimposed onto the D-A pair spectrum. At high 

temperature, the HEB dominated the D-A pair recombination spectrum. Our data behave 

similarly, with the ß peak being dominant at low temperature while being supplanted by 

the higher energy a peak at higher temperatures. 'This is consistent with the thermal 

activation of the donor level which quenches the D-A emission. 

The broadened room temperature a peak is almost certainly the band-to-band tran- 

sition or the free-to-bound since it is unlikely that room temperature excitons could exist 

amidst so many structural defects. In that case, we can establish the bandgap of zincblende 

GaN to be 3.2 - 3.3 eV. Our value is consistent with two subsequent bandgap measure- 

ments which obtained 3.3 eV [57] and 3.2 eV [44] by optical transmittance and absorption 

respectively. Our data and others' indicate that zincblende GaN has a direct bandgap 

slightly below that of the wurtzite GaN polytype. 

Following our earlier assignment of the a peak to the free to bound transition, then 

the temperature dependence of the a peak should follow the temperature dependence of 

the bandgap. Figure 5.4 displays the relationship of the a peak position with temperature 

in which the data were fit to the polynomial function 

E = 3.266 - 2.015 x 10_6T - 7.105 x 10_7T2 - 6.366 x Kr11!*. (5.1) 

The function predicts the low temperature bandgap value to be 3.266 eV. At high temper- 

ature, the data fall closely onto a straight line having a slope of -3.5xlO-4 eV/K. 
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5.2 Optical Reflectivity and the Refractive Index 

An important property of semiconductor materials is the wavelength dependent index 

of refraction which can be measured by observing the modulation of the optical reflectivity 

as a function of the incident light wavelength. Zincblende GaN grown on GaAs substrates 

is particularly well suited for this experiment since the expected value of the GaN refractive 

index falls midway between that of GaAs and air causing multiple internal reflections and 

large amplitude oscillations in the reflected light intensity. 

In our experiment, an unpolarized collimated beam from a broadband Tungsten- 

Halogen lamp was shone on GaN/GaAs samples. The reflected beam was collected at 

the entance slit of a grating monochromator. By using several gratings, we were able to 

obtain data from 0.8 eV - 3 eV. The light intensity was measured from 3.3 eV to 1.2 eV 

using an ultraviolet enhanced Si photodiode which was replaced by a PbSe photoresistor 

for the infrared wavelengths. The spectral resolution of our optical experiment was roughly 

20 A. Thickness measurements of the GaN epilayers were made using secondary ion mass 

spectroscopy (SIMS). The SIMS technique uses electrostatically accelerated ions to sputter 

a crater in the material to be studied. An in situ mass spectrometer measures the com- 

position of the sputtered material. Our samples were sputtered down to the GaN/GaAs 

interface which was detected by the onset of an As signal. The depth of the crater was 

then measured using an Alpha-Step profilometer which allowed the total thickness of the 

GaN epilayer to be measured to within an estimated accuracy of 300 Ä. 

Figure 5.5 shows the raw refectivity data collected with the Si photodiode from one 

sample. Because of the large modulation of the reflected light intensity, we could accurately 

measure the position of the maxima and minima. Table 5.2 is a compilation of those data 

for our best sample, A908, whose measured thickness was 1.58±.03 /xm. 
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Table 5.2  A908 Reflectivity Maxima and Minima 

Maxima A (Ä) Energy (eV)   Minima  A (A) Energy (eV) 

: 3855 3.214 3882 3.192 

3910 3.169 3935 3.149 

3977 3.115 4023 3.080 

4080 3.037 4140 2.993 

4210 2.943 4282 2.894 

4357 2.844 4448 2.786 

4543 2.727 4645 2.667 

4760 2.603 4877 2.540 

4995 2.480   

5290 2.342 5440 2.278 

5620 2.205 5810 2.133 

6010 2.062 6220 1.992 

6480 1.912 6730 1.841 

6990 1.773 7320 1.693 

7640 1.622 8050 1.539 

8490 1.459 8900 1.392 

9600 1.291 10400 1.191 

10850 1.142 11650 1.064 

12600 0.983 13650 0.908 

14860 0.834 

Each maximum and minimum of the reflectivity data corresponds to a condition of 

constructive or destructive interference, respectively. To correctly calculate the index of 

refraction, the effect of the GaAs substrate had to be taken into account. The GaAs 

acts as a lossy dielectric, allowing the field to impinge into it while absorbing some of the 

light (Eg
GaAs = 1.4 eV). The presence of the GaAs serves to slightly increase the effective 

thickness of the GaN cavity and also introduces a phase shift upon reflection of the incident 

light. Both the real and imaginary refractive indices of GaAs have been measured and are 

readily available. The GaN index of refraction was assumed to be real since all of the data 

61 



was collected below the bandgap energy where the GaN is transparent. 

Our approach was to numerically calculate a reflectivity spectrum for our structure 

from the known optical constants of GaAs and our measured GaN thickness. At normal 

incidence, Fresnel's equation for the reflected light amplitude reduces to: 

rf,2 = aza • (5.2) 
•       ri2 + ni 

and 

ni — n2 ,_ _. 
r*.2 = „    ,„ . (5-3) 

where the superscripts s and p represent the two perpendicular polarizations and the 

refractive indices are, in general, complex numbers. The experimentally observed reflected 

intensity of unpolarized light is the magnitude of the amplitudes of the two polarizations 

given by 

J?=i(rV* + rV). (5.4) 

The model for the two interface case is shown schematically in Fig. 5.6. The overall 

amplitude of the reflected light obtained by summing all of the reflected components and 

matching the boundary conditions is 

rp,» - i i -P,»-P,»—i* y°-0) i + rl\[ rl,2e 

where 

x - (27r/A)2ni<fi (5.6) 

with A being the wavelength of incident light and di the measured GaN thickness. 
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The GaN index of refraction, ni, was used as a fitting parameter at each maxima and 

minima until the extremum of the calculated reflectivity matched the location of the data 

point of interest. Figure 5.7 is a plot of our results which shows the measured spectral index 

of refraction for two zincblende GaN samples, A908 and A943. The major experimental 

uncertainty in our results arises from the estimated 300 Ä uncertainty in the GaN film 

thickness measurement which enters linearly into the final uncertainty. Our determination 

of the extrema from the optical data and the accuracy of the numerical calculations each 

have much smaller uncertainties. The two measured samples were of the order of 1.5 fxm, 

so we estimate that our results for the GaN index of refraction have an error of no more 

than 3%. 

Our index of refraction data for zincblende GaN are typical of a semiconductor. The 

long wavelength region has a nearly constant refractive index value in the neighborhood of 

n = 2.4. At these wavelengths, the light interacts weakly with the GaN. As the bandgap 

is approached, the refractive index of A908 increases rapidly as the GaN begins to absorb 

the incident light, behaving more like a metal. Our measured index of refraction at the 

zincblende GaN bandgap is n = 2.9Ü.01. This is the quantity of most interest for semi- 

conductor laser designers. Notice that the data for A943 appear more flat and diverge 

less rapidly as the bandgap is approached. This was a lower quality sample with a much 

larger background electron concentration and more below band edge absorption centers. 

Therefore, strong absorption occurs at lower photon energies and the onset of the band 

edge is less dramatic. It was not possible to take data above the bandgap using our mod- 

ulated reflection technique since the onset of strong absorption means that the amplitude 

of internally reflected light was insufficiently large to provide reasonable interference with 

the externally reflected component. 
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6. GaAs-GaN SEMICONDUCTOR-INSULATOR DEVICE STRUCTURES 

The III-V nitrides, with their wide bandgaps, have long been viewed as a potential in- 

sulator material for GaAs and other compound semiconductors. As a prospective insulator 

material for GaAs, GaN suffers from a 20 % lattice mismatch as well as significant thermal 

mismatch (Table 3.1). In its favor, GaN is isoelectronic with GaAs which simplifies the 

interface considerably. The SiO^/Si system provides the model insulator-semiconductor 

interface despite its fairly large lattice mismatch (6.7 %), so it appears possible that the 

lattice mismatched GaN on GaAs system may perform well. Only one group [60] has pre- 

viously investigated GaN-GaAs insulator-semiconductor structures and their results were 

quite poor. By studying such structures, we can investigate the quality of the initial het- 

eroepitaxial GaN as well as evaluate the potential of GaN as an insulator material for GaAs. 

In this chapter we present the first comprehensive investigation of the insulating properties 

of zincblende GaN for GaAs device structures. In Section 6.1 we describe the properties 

of a GaN/GaAs metal-insulator-semiconductor diode [48]. In Section 6.2, the properties 

of a GaAs/GaN/GaAs semiconductor-insulator-semiconductor diode are presented [49]. 

6.1 GaN/GaAs Metal-Insulator-Semiconductor Diodes 

Figure 6.1 shows the metal-insulator-semiconductor (MIS) diode structure. The de- 

vices were grown on n-type conducting GaAs substrates. After the growth of a 1 /xm 

lightly doped GaAs buffer layer, GaAs growth was interrupted and nitride growth was 

initiated using shuttered Ga flux in the manner described in Chapter 3. A total of 500 Ä 

of GaN insulator was deposited. MIS diode structures were fabricated by evaporating 150 

fim radius Au Schottky contacts onto the GaN surface. Au evaporated onto the back side 

of the GaAs substrate formed the ohmic contact. 
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n+-GaAs substrate 
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1000 nm GaAs 
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Fig. 6.1. Schematic of GaN/GaAs MIS diode layer structure. 
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The MIS structures were investigated by room temperature capacitance-voltage (C- 

V) and current-voltage (I-V) measurements. The room temperature C-V characteristics 

at 100 kHz and 1 MHz of a GaN/GaAs MIS diode are presented in Fig. 6.2. At each 

individual frequency there is very little hysteresis which indicates that the number of bulk 

GaN traps is low. However, there is a significant change in the measured capacitance 

as a function of the sweep frequency. Similar behavior in the SisN^GaAs MIS system 

[61], [62] has been shown to be interface related. Our C-V data nearly resemble the ideal 

S-shaped curves generated in the best Si-based MIS structures. In the forward bias condi- 

tion, the capacitance shows signs of saturation, especially in the 1 MHz sweep, indicating 

the possibility of accumulation. We attribute the lack of complete saturation to the large 

leakage current of the device in forward bias mode. Inversion is achieved as indicated by 

the flat C-V relationship in the reverse bias condition. The C-V data indicate that the 

interface is unpinned as evidenced by our ability to sweep the Fermi level from inversion 

nearly to accumulation. Following the methods of Ref. 61, by comparing the amount of 

experimentally observed stretch-out (voltage necessary to sweep from inversion to accu- 

mulation) to a theoretically generated ideal curve, we estimate an interface state density 

of approximately 5 x 1011/cm2'eV in our GaN/GaAs device. This value is approximately 

an order of magnitude above what is normally considered to be device quality. 

Room temperature I-V measurements (Fig. 6.2 (inset)) show rectification, the ex- 

pected behavior for a diode structure. However, the current levels in both forward and 

reverse bias are fairly large which indicates that the GaN is a leaky insulator. The leak- 

iness may stem from the many defects present in the GaN, or from the natural n-type 

background carrier concentration normally observed in GaN. The insulator breakdown 

was observed at 22 V reverse bias which corresponds to a field of 4 x 106 V/cm based 

upon the 500 A GaN thickness. 
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Fig. 6.2. GaN/GaAs MIS C-V characteristics at 100 kHz and 1 MHz. Inset: Room temper- 
ature I-V characteristics. 
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6.2 GaAs/GaN/GaAs Semiconductor-Insulator-Semiconductor Diodes 

GaAs/GaN/GaAs semiconductor-insulator-semiconductor (SIS) diodes were also in- 

vestigated. By making an n-type device, we intended to measure the temperature and 

voltage dependence of the electron current in order to estimate the conduction band offset 

between GaAs and GaN. First a thick lightly doped n-type GaAs layer was grown on the 

semi-insulating GaAs substrate. Next, a GaN interlayer was deposited and finally, a heav- 

ily doped GaAs cap layer was grown. A TEM image of the described structure is shown in 

Figure 3.12, from which an insulator thickness of 45 Ä was determined. A thin GaN layer 

was needed to insure a reasonable amount of current flow. On the other hand, the GaN 

needed to be sufficiently thick so as to permit negligible amounts of tunnelling current. 

Figure 6.3 shows the calculated conduction band profiles of the SIS structure under reverse 

and forward bias conditions. 

The current-voltage (I-V) characteristics of the SIS structure was investigated at tem- 

peratures ranging from 300 K to 340 K. The data are plotted in Figures 6.4 and 6.5. Below 

300 K, the reverse bias current level falls below that which we can reliably measure. Rec- 

tification is observed with the reverse bias current remaining quite small even up to 15 V 

while the forward bias current increases rapidly with applied voltage. The I-V behavior 

is determined by the properties of the depletion layer. In the reverse biased mode, the 

majority of the applied voltage is dropped across the depleted region while comparatively 

little is dropped across the thin GaN barrier. This is shown in Fig. 6.3 (a). Under forward 

bias the collector region goes into accumulation causing a large fraction of the voltage 

to appear across the barrier, severely tilting it and adding unwanted complexity to the 

problem of extracting the effective barrier height. This situation is shown in Fig. 6.3 (b). 

Two factors Control the current flow in the SIS structure, and comparing Figs. 6.3 (a) and 

(b), we can qualitatively see why the forward bias currents are larger than the reverse bias 
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Fig 6 3. Conduction band profile of the SIS diode showing 300 Ä of the emitter and 500 Ä 
of the collector, (a) At 15 V applied reverse bias 0.13 V appears across the barrier. 

(b) At 2 V forward bias 0.65 V appears across the barrier. 
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Fig. 6.4. Experimental reverse bias I-V curves from 300 K to 340 K. 
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currents. First, the accumulation band bending in the collector region of Fig. 6.3 (b) is 

much larger than the accumulation band bending in the emitter of Fig. 6.3 (a). The accu- 

mulation band bending pulls down the barrier top with respect to the Fermi level thereby 

decreasing the effective barrier height to electron current. Second, the triangular top of 

the barrier is less effective as an insulator because electrons can more easily tunnel through 

the thin part of the barrier. Both of these factors lead to large forward bias currents. 

The reverse bias data show a marked dependence on temperature, and it is from this 

dependence that we extract the effective conduction band barrier. The essential idea in 

this analysis is that the majority of the current flow occurs in the narrow energy range just 

above the effective top of the barrier, and that the concentration of electrons in this energy 

, range is given by a thermal distribution function. The assumption of a thermal distribu- 

tion is justified because the electron source terminal (emitter for reverse bias, collector for 

forward bias) is in accumulation so that electron-electron interactions are significant and 

maintain a thermal distribution even for electrons high in the conduction band. Then the 

concentration of electrons in the energy range just above the effective barrier top is pro- 

portional to e kbT according to Fermi-Dirac statistics, where Eb indicates the effective 

top of the barrier (assuming Eb — fi » kbT). The concentration of electrons will fall off 

quickly with energy above Eb so that only the electrons just above the barrier top will 

contribute significantly to the current. Unfortunately the effective barrier top is approxi- 

mately an electron volt above the GaAs conduction band minimum which invalidates the 

effective mass approximation. Therefore we do not know the density of states or the veloc- 

ity of electrons in this energy range, so the only statement we can make about the current 

density is that j = Ce *** , according to Fermi statistics, where C is a polynomial in 

temperature which contains information about the electron density of states and velocity. 

This statement is fairly general and can be shown for several other examples in which the 
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majority of conduction electrons are in a narrow energy range, such as thermionic emission 

over a Schottky barrier and conduction through a narrow xnidgap state [64]. For these two 

cases C has a T2 and T° dependence, respectively. The relatively narrow temperature 

range in which our measurements are restricted does not allow us to distinguish between 

these cases. C is left as an unknown to be fit by the data. 

Plotting ln(j) versus jpp for the measured temperatures at each voltage gives a straight 

line with slope —(Eb — ft) and intercept ln(C). Eb — \i is shown in Fig. 6.6 (1) while ln(C) 

is shown in Fig. 6.7 (3). Eb — \i decreases with voltage due to the effects discussed 

earlier, namely accumulation band bending and slight barrier tilting. The band bending 

is calculated by assuming the current flow is small and requiring the continuity of electric 

' displacement across the device. By simply adding the relative energy consituents, Eb — ^ 

can be related to the effective barrier height by 

Eb — fi = ECtlt — qe<l>abb + 9e^6 — <lc<i>tri 6.1 

where EC)P is the difference between the conduction band minimum and the Fermi level in 

the bulk emitter, ^abb is the accumulation band bending at the GaAs/GaN interface, ^b is 

the effective conduction band barrier height, and <f>tti is the voltage drop across the barrier 

(for a first approximation the triangular part of the barrier is assumed to be transparent). 

Ec,ft, <£abb5 and ^tri axe all functions of temperature, so the data must be re-fit with these 

corrections to find ^>b- ^b is shown in Fig. 6.6 (2), while the second fit for ln(C) is shown 

in Fig. 6.7 (4). Our fit yields an effective conduction band barrier height is about 0.9 

eV. Even with the band bending corrections there is still a slight decrease in ^b with 

increasing voltage. We can expect a large number of defect states spread throughout the 

GaN forbidden gap due to structural defects arising from the very large lattice mismatch 
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between GaN and GaAs. As voltage increases electrons trapped in defect states just below 

the conduction band edge can escape more easily through the low energy side due to 

barrier tilting. Therefore more of the current is conducted through midgap states which 

decreases the overall effective barrier height. The strong voltage dependence of ln(C) can 

be attributed to a decrease in the overall effective barrier height with voltage because of 

the downward shift in conduction electron energy range and the corresponding decrease in 

velocity and density of states from which C derives. 
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7. XPS VALENCE BAND STUDIES 

X-ray photoemission spectroscopy (XPS) is not only a useful technique for the study 

of surface chemistry as reported in Chapter 3, but it can also be used to probe valence band 

(VB) structure. This is because the XPS technique uses monoenergetic soft x-ray photons 

to ionize atoms in the material under study. Liberated electrons have kinetic energies 

equal to the difference between the photon energy and the electron binding energy, and 

therefore carry information about the energy of the original electronic state. At normal 

temperatures, the VB is, for practical purposes, fully occupied so the low binding energy 

region of XPS spectra is roughly proportional to the density of states. In the 10 - 25 eV 

range, the energy positions of lower VBs can be measured allowing information about the 

ionicity gap and band structure of the semiconductor to be determined. 

The III-V nitrides are an interesting material system for VB studies for several reasons. 

Due to the strong binding of the nitrogen anion, these semiconductors are more ionic than 

typical III-V semiconductors. Therefore, the predicted band structures of GaN and A1N 

have have some resemblance to those of II-VI semiconductors while some III-V character 

is also evident [65]. XPS measurements can provide information about the magnitude of 

the ionicity or heteropolar gap between the upper and lower lying VBs. This measurement 

provides important clues regarding the nature of the material's VB structure. In the case 

of the nitrides, this ionicity gap value is a measure the II-VI versus III-V flavor of the 

overall band structure. Additionally, both InN and GaN have d-shell core electrons whose 

energies lie close to the predicted N 2s - like VB. Recently, theorists [66] have realized that 

these shallow d-shell levels can not be treated as inert core levels, as has often been done 

in the past [67], [68], [69]. Rather, they hybridize strongly with the s- and p-levels of the 

VB, having a profound influence on the material's band gap, structure, acceptor energy 
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levels, and even VB heterojunction offsets [65], [70]. Finally, despite its limited resolution, 

the relative band gap energy differences between A1N and GaN and InN are sufficiently 

large that XPS can be used to make a meaningful estimate of the type of band lineups 

present in GaN/AIN and InN/AIN heterojunctions. 

In Section 7.1, we present the details of our experiment and discuss possible sources 

of error. Section 7.2 describes XPS measurements on bulk zincblende GaN and InN layers. 

The VB spectra of wurtzite GaN, A1N and InN are reported in Section 7.3. Finally, 

in Section 7.4, spectra taken on thin GaN/AIN and InN/AIN epilayers are analyzed to 

estimate the VB offsets of these heterojunctions. 

7.1 Experiment 

The XPS spectra presented in this chapter were obtained using Al Ka radiation (hi/ 

= 1486.6 eV) having a linewidth of ~ 1 eV on a Perkin Elmer PHI 5300 ESCA system. 

VB photoelectrons, which have kinetic energies roughly equal to the Al Ka energy, have 

an escape depth of ~25 A [71]. Bulk data were collected at electron emission angles of 45° 

while spectra of heterojunctions were taken at a 75° electron emission angle to increase 

our sensitivity to the underlying material. All of our data are energy normalized so that 

a linear extrapolation of the VB edge intersects the x-axis at a binding energy of zero. 

The size of the ionicity gap was determined by subtracting the linearly extrapolated x- 

intercepts of the high energy edge of the upper VB and the low energy edge of the d-shell 

core level (for GaN and InN) or the lower VB (for A1N). 

Several possible sources of error were investigated. For wide bandgap semiconductors, 

surface charging can be a concern since the conductivity of the material may not be suffi- 

cient to replace ejected electrons. InN has always been observed to have high background 

electron concentrations [1] so we were not concerned about these spectra. However, spectra 
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taken on GaN and A1N showed evidence of charging, namely in broadened peaks and a 

featureless VB edge. We found that by heavily doping these materials with Si, charging 

effects could be eliminated allowing the VB structure to be resolved. 

The rise and fall rates of the investigated peaks were compared to a Au 4fs/2 standard 

which had a full width half maximum (FWHM) of 1.2 eV. Our data approached but 

did not equal the slopes and FWHM of the Au signal indicating that our data were not 

instrumentally limited but were nevertheless representative of good material. 

The surfaces were all verified to be unreconstructed (lxl) as observed by RHEED. 

Also, when possible, we compared the energy of shallow core levels to deeper, more chemi- 

cally isolated core levels. Both a heavily reconstructed surface or a heterojunction interface 

can be a source of uncertainty due to the core level chemical shifts caused by highly strained 

surface or interface atomic bonds. Since our surfaces were unreconstructed and our het- 

erojunctions were common anion and isoelectronic, we expected such effects to be minor. 

Also, the surface and interface contributions to XPS spectra are normally small compared 

to ultraviolet spectra due to the greater electron escape depth resulting from the higher 

energy photon source. Surface related shifts were probed by collecting spectra at electron 

emission angles of 30° (surface sensitive) and 75° (bulk sensitive). We observed no shifts 

in the shallow core levels. Interface related shifts were determined to be less than 0.1 eV 

based on a comparison of shallow core level energies with deep core levels in bulk and 

heterojunction samples. 

Finally, the Ga 3d and Al 2p core levels studied were actually doublets composed 

of the j = 5/2 and 3/2 and j = 3/2 and 1/2 contributions, respectively. Since we were 

concerned only with the relative positions and shifts of of each of these peaks, no effort 

was made to deconvolve these signals and the maximum of the composite was taken as the 
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peak position. The uncertainty arising from this approximation is smaller than our major 

sources of error which we attribute to the relatively broad Al Ka x-ray linewidth and our 

VB edge estimates. 

7.2 Zincblende GaN and InN 

Figure 7.1 shows the VB spectrum taken on a tjhick Si-doped zincblende GaN layer 

compared with the theoretical density of states (DOS), calculated by Lambrecht and Segall 

[70], which incorporates the effects of the Ga 3d core level (inset). The details of their local 

density approach (LDA) calculations, to which results we will compare our data throughout 

this chapter, are summarized in Appendix A, since at present this work is unpublished. 

Three features are readily observed. A broad peak appears in the vicinity of 3 eV and two 

more peaks are resolved at binding energies of 7.1 eV and 8.5 eV. Comparing our data 

with the theoretical DOS, we can assign the 3 eV signal to the N 2p - Ga 4p band and 

the higher energy peaks to the N 2p - Ga 4s band. The theoretical DOS predicts only 

a single higher energy peak which does not coincide with our observation of two peaks. 

Also, the theory predicts the position of the N 2p - Ga 4s peak to be 6 eV, slightly below 

the experimental value. The LDA approach is known to underestimate the depth of lower 

lying VBs, so this discrepancy should not be taken too seriously. Qualitatively, our data 

better resemble the self-energy corrected LDA calculations of Fiorentini et al. [65], who 

also take into account the Ga 3d core level. Their calculations predict three maxima in 

the shallow VB DOS. 

Figure 7.2 is a spectrum taken on the same GaN layer for slightly higher binding 

energies showing the Ga 3d core levels to be at 18.4 eV. We do not observe significant 

evidence of the predicted N 2s - Ga 4s band, with the possible exception of a small low- 

energy shoulder. Although the predicted N 2s - Ga 4s band DOS is reasonably large, it 
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is difficult to resolve these states by XPS. The x-ray cross sections of the N 2s and Ga 4s 

orbitals at the Al Ka energy are more than a factor of ten less than the sum of the Ga 3d 

core level cross sections [72]. Also, the predicted DOS [70] of the Ga 3d states is about a 

factor of three larger than that of the N 2s - Ga 4s band making the expected intensity 

roughly a factor of thirty less than the Ga 3d signal. Our experimentally determined 

ionicity gap for zincblende GaN is 6.6 eV compared'to the self-energy corrected value of 

5.39 eV [65]. 

The zincblende InN spectrum reveals considerably less structure (Fig. 7.3). The lower 

energy maximum cannot be resolved from the data. There does appear to be a peak at 

7.4 eV. We do not know of any theoretical calculations with which to compare our data, 

but drawing from the GaN calculations, we can assume that the lower energy signal is the 

N 2p - In 5p band while the higher energy peak is the N 2p - In 5s band. Our previous 

study [32] of the zincblende InN material has shown this polytype to be metastable with a 

strong tendency to revert to the wurtzite polytype. These same InN films were also highly 

conductive (n = 1020 cm-3). Based on these observations, we attribute the smearing of 

the VB structure to poor crystal quality and not surface charging. 

7.3 Wurtzite GaN, A1N, and InN 

Figure 7.4 shows the VB spectrum taken on a thick Si-doped wurtzite GaN layer 

compared with the theoretical DOS of Ref. [70] and Huang and Ching [69] (inset). A 

very clear two-tiered spectrum was obtained with maxima at 1.8 eV and 7.5 eV. Both 

DOS calculations predict two maxima for the N 2p - Ga 4p and the N 2p - Ga 4s bands 

respectively, which are in reasonable agreement with the experimental data. 

A major discepancy between the two theoretical DOS spectra exists in the lower VB. 

Huang and Ching, who did not treat the Ga 3d level as a band, predict relatively little 
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structure in this region. On the other hand, Lambrecht and Segall calculated a lower VB 

spectrum which exhibits three large DOS peaks arising from splittings induced by the 

hybridization of the Ga 3d band with the N 2s - Ga 4s band. Figure 7.5 is a spectrum 

taken on the same GaN layer for slightly higher binding energies showing the Ga 3d core 

level peak at 17.2 eV. Again we observe some hint of a shoulder on the low energy side 

of the Ga 3d signal which may be the predicted N 2s - Ga 4s signal. Unfortunately, due 

to the lower cross section of these bands and our limited resolution, a definitive study of 

the structure of this valence band will have to wait for an ultraviolet (uv) photoemission 

study. Our experimentally observed ionicity gap was 6.6 eV. 

Figure 7.6 shows the data taken on a thick Si-doped A1N layer compared with three 

theoretical DOS (inset). Maxima are observed at ~1.9 eV and at 5.7 eV. Olson et al. [73] 

have also reported an A1N XPS spectrum, superimposed on the theoretical DOS of Ching 

and Harmon [74], which had two peaks in the upper VB. Comparing with the theoretical 

predictions, we assign these two peaks to the N 2p - Al 3p and N 2p - Al 3s bands, 

respectively. Due to the lightness of both Al and N, the VB x-ray cross sections are small 

[72], which is the cause of the increased noise levels in this spectrum. The slopes of the 

N 2p - Al 3s band high energy fallofF and the VB edge are among the sharpest observed 

so we do not suspect that charging effects are present in this spectrum despite the larger 

expected depth of Si donors in this wide bandgap semiconductor. 

Al, unlike Ga and In, does not have a low lying d-electron core level. It is interesting 

to note that the theoretical VB DOS predictions of all three groups are therefore quite 

similar. Our experimental data from the lower A1N valence band structure is shown in 

Fig. 7.7. The maximum is centered at 17.5 eV with some evidence of a possible doublet 

having a ~0.5 eV splitting. The low energy edge shows a significant tail which makes 

our determination of the ionicity gap difficult. Depending on which edge we used for our 
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extrapolation, we obtained values of 6.2 eV and 4.1 eV for the ionicity gap.  Figure 7.8 

shows the Al 2p core level signal which is observed at 71.3 eV. 

Figure 7.9 shows the data taken on a thick InN sample. Maxima are observed at ~1.2 

eV and 6.2 eV. We are not aware of any theoretical calculations with which to compare our 

data but we can again draw from the calculations on the related materials and assume that 

the lower energy signal is the N 2p - In 5p band and the higher energy peak is the N 2p - In 

5s band. We do observe a sharp falloff in the N 2p - In 5s signal which indicates that this 

sample was reasonably good and can be assumed to be representative of the true wurtzite 

InN band structure. In, like Ga, has shallow (In 4d) core levels which are expected to 

strongly hybridize with both the upper and lower valence bands. Our experimental data 

from the lower InN valence band structure is shown in Fig. 7.10. We observe the maximum 

of the composite In 4d core level peak to be at 16.1 eV. As was the case for GaN, there is a 

hint of a low energy N 2s - In 5s shoulder, but better measurements are needed to make a 

positive determination. Our experimental value for the InN ionicity gap is 5.9 eV. The In 

3d5/2 and 3d3/2 peaks were observed at 443.0 eV and 450.6 eV, respectively (Fig. 7.11). 

7.4 Valence Band Offsets 

Photoemission measurements have been applied often in the past to determine het- 

erojunction valence band offsets [75], [76]. Normally, an ultraviolet light source is used 

because of their relatively narrower line widths. Excellent resolution is necessary since the 

quantities to be measured require accuracies in the 50 meV range to be of use to device 

designers. On the other hand, the III-V nitride semiconductors can be probed meaning- 

fully by XPS due to the overall large bandgap differences between Ä1N and GaN and InN. 

There has been no previous experimental work attempting to measure the III-V nitride 

heterojunction band discontinuities despite the critical importance of these quantities for 

correctly evaluating the potential of these materials for lasers and other optical devices. 
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Following the approach of Waldrop et al. [76], illustrated schematically in Fig. 7.12, we 

obtained core level spectra from thin (~ 15 A) GaN and InN overlayers on bulk A1N films. 

Figures 7.13 and 7.14 show the core level spectra collected from the GaN/AIN and InN/AIN 

heterojunctions, respectively. We attempted, but were unable to resolve a superposition of 

the valence band edges of both materials in our heterojunctions which would have allowed 

for a direct measurement of the valence band offset. Table 7.1 summarizes the various 

relevant core level data used in the VB offset calculations. 

Table 7.1 XPS Data Used to Calculate Valence Band Offets 

Epilayer Type Core Level Energy Position FWHM 

Bulk A1N Al   2p 71.3 eV 1.7 eV 
Bulk GaN Ga  3d 17.2 eV 1.6 eV 
Bulk InN In 3dö/2 

In 3d3/2 
443.0 eV 
450.6 eV 

2.0 eV 
1.8 eV 

15 A GaN/AIN Ga  3d 
Al   2p 

17.6 eV 
72.1 eV 

2.0 eV 
1.9 eV 

15 A InN/AIN In 3d5/2 
In 3d3/2 
Al   2p 

443.6 eV 
451.2 eV 
73.0 eV 

1.7 eV 
1.5 eV 
1.5 eV 

The equations used to calculate the VB offsets are (Fig. 7.12) [76]: 

AEAlN,GaN=AEcL+EGaN_EAlN ?1 

and 

AEAlN,InN = Eh,N _ AECL _ EA1N ? 2 
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Fig. 7.14. Schematic of the valence band offset measurement approach of Ref. 19 for generic 
semiconductors A and B. On bulk samples (top), the energy positions of each core 
level are measured with respect to the valence band edge. Then, on heterojunction 
samples (bottom), the energy difference between the two core levels is simultane- 
ously measured. From these quantities, the heterojunction valence band offsets 
are deduced (Eqs. (1) and (2)). 
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which yielded (Table 7.1): 

AEAiN,GaN = 54>5eV + 17>2eV _ 7i.3eV = 0.4eV 7.3 

and 

AEAiN,inN _ 443-0eV - 370.6eV - 71.3eV = l.leV. 7.4 

Figures 7.15 and 7.16 show the full conduction and valence band lineups extrapolated from 

the VB offset values for these heterojunctions. As discussed in Section 7.1, we attribute 

the majority of our experimental error to unavoidable broadening resulting from the ~1 eV 

x-ray linewidth and to our determination of the VB edges based on a linear extrapolation 

of the low energy falloff to the x-axis. Given our experimental FWHM of the core level 

peaks and the variation observed in the extrapolated VB edge for the largest reasonable 

variations in our linear fit, a conservative estimate of the maximum possible error in each 

determination is 0.2 eV. Therefore, we estimate that our VB offset accuracies are accurate 

to within ±0.4 eV. Each measurement was repeated several times on different epilayers 

and the result obtained was always within 0.4 eV of the results quoted above. 

The results above should be considered as a first approximation of the actual band 

lineups in these two heterojunction systems. The measurements described above could 

be repeated with greater accuracy using an uv photon source which typically have much 

narrower linewidths. Although the photon energy is insufficient to measure most core level 

positions, the improved resolution allows the VB leading edges of both materials to be 

observed on a single scan of a thin heterojunction layer [75]. In this way, the valence 

band discontinuity can be directly observed rather than deduced as we have done here. 

An uv measurement would also be able to detect the N 2s - Ga 4s band which was near 
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Fig. 7.15. Measured heterojunction band lineups for GaN/AlN. Experimental error is 
±0.4 eV. 
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Fig. 7.16. Measured heterojunction band lineups for InN/AIN. Experimental error is 
±0.4 eV. 
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8. CONCLUSIONS 

The III-V nitride semiconductors continue to be a frontrunning material system for 

the development of a semiconductor technology active in the ultraviolet and blue spectrum. 

This work has attempted to examine some of the relevant issues which will ultimately de- 

termine how extensive a role the Group III - Nitrides will play. At the outset of this work, 

very little was known about the physical properties of the zincblende nitride polytypes. 

We attempted to measure some of the fundamental physical properties of these materials 

and to make a determination of their potential for optical device applications. The better 

understood wurtzite polytypes are already the focus of numerous optical device develop- 

ment efforts. Many of these device designs will rely on the characteristics of AIN/GaN (or 

similarly AlGaN/GaN) heterojunctions which have not yet been studied in detail. 

Our studies of the zincblende polytypes of GaN and InN have revealed, among other 

things, that zincblende GaN, like its wurtzite counterpart, is a direct bandgap semicon- 

ductor having a bandgap active in the near ultraviolet spectrum. In this sense, zincblende 

GaN has potential for short wavelength optical device applications. However, structural 

studies of both zincblende GaN and InN have revealed that it will be difficult to obtain 

good crystal quality in either material due to their tendencies to nucleate wurtzite do- 

mains at stacking fault sites. Another study has observed similar behavior in zincblende 

A1N [18], which has been observed microscopically, but has not yet even been stabilized in 

bulk form. It appears that the zincblende nitrides, as a material system, offer less potential 

for development compared to their wurtzite counterparts as a result of their metastability 

and continued lack of a suitable substrate material. 

Based on the conclusions of the first chapters, the focus of our investigation shifted to 

the wurtzite polytypes. Since the nitrides are primarily of interest as an optical material, 

and modern optical device designs are almost exclusively of the heterojunction variety, 
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or below the noise level of our measurements. An energy resolution below 50 meV is 

routinely obtained with uv light sources, which is sufficiently good to allow engineers to 

accurately predict device performance and theorists to semi-empirically generate improved 

band structures. 
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the heterojunction properties of A1N axe of great interest. Our results indicate that at 

least two thirds of the AIN/GaN and AIN/InN bandgap discontinuities appear across the 

conduction band leaving relatively little of the bandgap difference at the valence band 

offset. Furthermore, the true valence band discontinuities may be considerably less than 

one third of the bandgap difference within our experimental uncertainty. An important 

criteria by which a heterojunction system is evaluated for quantum well laser applications 

is the type of band lineup. Three types exist. The forbidden band of the narrow bandgap 

semiconductor can lie completely within, partially, or completely out of the forbidden band 

of the larger semiconductor resulting in Type I, II and III hetero junctions, respectively. 

Only Type I heterojunctions form quantum wells which confine both electrons and holes 

allowing a population inversion to be most easily reached. Our data show that InN/AIN 

is clearly Type I while GaN/AIN is almost certainly Type I or at worst, has zero valence 

band discontinuity. Therefore, despite the unequal heterojunction band lineups observed, 

each heterojunction is fundamentally suitable for heterojunction laser designs. 
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APPENDIX A. APPROACH OF LAMBRECHT AND SEGALL 

In Chapter 7 we compare our experimental density of state (DOS) measurements 

with the as yet unpublished theoretically generated DOS of Lambrecht and Segall [70]. 

In this Appendix, we briefly summarize the calculational approach used to generate these 

DOS spectra and provide the interested reader with further references describing similar 

calculations on other wide bandgap semiconductors. 

The general framework of the electronic structure calculations is the widely accepted 

local density functional theory [77], [78]. It is a theory for the ground state of an electronic 

system which enables the total energy of the bonding of the nuclei with the electrons in 

a solid to be calculated. Because it is a ground state theory, it is most accurate for the 

calculation of valence band structure. Basically, it reduces the many-body problem of 

interacting electrons to an effective single particle problem of one electron in the average 

potential produced by the fixed nuclear charges and the other electrons. The theory 

includes correlations and quantum mechanical exchange interactions. In practice, this 

method requires an iterative solution of the Schrodinger equation for a potential derived 

from the charge density obtained from the occupied eigenstates themselves. The method of 

choice for performing these calculations was Andersen's linear muffin tin orbital (LMTO) 

method [79]. An advantage of this approach for the nitrides is that, being an all electron 

approach, it has no problems dealing with elements having deep potentials such as nitrogen. 

Two recent publications by Lambrecht and Segall describe the calculated band structures of 

zincblende SiC and zincblende A1N [53] by the technique described above and will provide 

the interested reader with sufficient detail regarding the exact calculational technique used 

to generate the DOS spectra discussed in Chapter 7. 
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