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I.   Introduction 
Heteroepitaxy is the growth of a crystal (or a film) on a foreign crystalline substrate that 

determines its orientation. Such oriented growth requires that lattice planes in both materials 

have similar structure. In general, an epitaxial relationship is probable whenever the orientation 

of the substrate and overgrowth produces an interface with a highly coincident atomic structure 

having low interfacial energy relative to a random arrangement. 

During the past decade, nonequilibrium techniques have been developed for the growth of 

epitaxial semiconductors, superconductors, insulators and metals which have led to new 

classes of artificially structured materials. In many cases, the films were deposited on 

substrates having a different chemistry from that of the film, and heteroepitaxy was achieved. 

Moreover, layered structures with a periodicity of a few atomic layers have also been produced 

by the sequential heteroepitaxial deposition of a film of one type on another. Metastable 

structures can be generated which possess important properties not present in equilibrium 

systems. A consideration of the materials under consideration for next generation electronic and 

optoelectronic devices, e.g., the III-V nitrides show that only a few of them can currently be 

grown in bulk, single crystal form having a cross-sectional area of >3 cm2. Thus other, 

commercially available substrates must be used. This introduces a new set of challenges for the 

successful growth of device quality films which are not present in homoepitaxial growth and 

which must be surmounted if these materials are to be utilized in device structures. 

In addition to providing structures which do not exist in nature, applications of advanced 

heteroepitaxial techniques permit the growth of extremely high quality heterostructures 

involving semiconductors, metals, and insulators. These heterostructures offer the opportunity 

to study relationships between the atomic structure and the electrical properties of both the film 

itself and the interface between the two dissimilar materials. They also allow the study of 

epitaxial growth between materials exhibiting very different types (ionic, covalent, or metallic) 

of bonding. 

While the potential of heteroepitaxial deposition has been demonstrated, significant 

advances in theoretical understanding, experimental growth and control of this growth, and 

characterization are required to exploit the capabilities of this process route. It is particularly 

important to understand and control the principal processes which control heteroepitaxy at the 

atomic level. It is this type of research, as well as the chemistry of dry etching via laser and 

plasma processing, which forms the basis of the research in this grant. 

The materials of concern in this report are classified as wide bandgap semiconductors and 

include diamond, SiC and the HI-V nitrides of Al, Ga, and In and their alloys. The extremes in 

electronic and thermal properties of diamond and SiC allow the types and numbers of current 

and conceivable applications of these materials to be substantial. However, a principal driving 

force for the interest in the III-V nitrides is their potential for solid-state optoelectronic devices 



for light emission and detection from the visible through the far ultraviolet range of the 

spectrum. 

The principal objectives of the research program are the determination of (1) the 

fundamental physical and chemical processes ongoing at the substrate surface and 

substrate/film interface during the heteroepitaxial deposition of both monocrystalline films of 

the materials noted above, as well as metal contacts on these materials, (2) the mode of 

nucleation and growth of the materials noted in (1) on selected substrates and on each other in 

the fabrication of multilayer heterostructures, (3) the resulting properties of the individual films 

and the layered structures and the effect of interfacial defects on these properties, (4) the 

development and use of theoretical concepts relevant to the research in objectives (1-3) to assist 

in the fabrication of improved films and structures and (5) the determination of process 

chemistry which leads to the laser assisted and plasma etching of these wide bandgap 

compound semiconductors. 

This is the tenth bi-annual report since the initiation of the project. The following sections 

introduce each topic, detail the experimental approaches, report the latest results and provide a 

discussion and conclusion for each subject. Each major section is self-contained with its own 

figures, tables and references. 
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II. Field Emission Energy Distribution Analysis of Wide Band Gap 
Field Emitters 

A. Introduction 

Wide band gap materials have been identified as particularly suitable for field emission 

purposes due to their low or even negative [1-3] electron affinities, as well as their thermal, 

chemical, and mechanical stability. Although progress has been made in technologically 

relevant areas of the field, the underlying physical mechanisms of field emission are not yet 

completely understood. In many studies, the characterization of field emitters was limited to 

application-oriented I-V measurements. However, additional and qualitatively different 

analytical information is required to extensively characterize field emission from wide bandgap 

materials and to promote our understanding of the underlying phenomena. Field emission 

energy distribution (FEED) measurements were performed on tip-shaped Mo field emitters 

coated with intrinsic diamond and cubic boron nitride (c-BN) powders, in order to determine 

the origin of field emitted electrons. 

Voltage dependent FEED analysis, termed V-FEED in the following, was applied to 

directly evidence field induced band bending, which is generally believed to play an essential 

role in the electron emission process from semiconductors. 

B. Experimental Technique 

Field emission energy distribution analysis consists of measuring energy spectra of field 

emitted electrons by means of an electron spectrometer. As had already been predicted for the 

case of metallic field emitters by Fowler and Nordheim [4], electrons originate from energy 

levels close to the Fermi level, Ep. Figure 1 illustrates the relationship between the measured 

kinetic energy, E,. , of an electron emitted from an energy level E, the potential, V, applied 

between the cathode and the analyzer, and the analyzer work function, €>.. 

\..EF. 

Figure 1. Definition of energy scale (E - Ep) used in FEED measurements. j{E - Ep): 
electron energy distribution, V: applied voltage, &>: metal work function, &A: 
detector work function, VL: vacuum level, £&n: measured kinetic energy. 



The Fermi level of the metal, EF, serves as a reference energy level, as its energy relative to 

the Fermi level of the analyzer depends only on the applied voltage. Hence, it is convenient to 

plot all FEED spectra in terms of (E - Ef): 

(E-Ef)=Ekin-eV+(PA- CD 

This energy scale implicitly takes into account any changes in electron energy E,. due to 

changes in the extraction voltage V. The emitter work function, 0, does not influence the 

energy (E - Ef) of emitted electrons, but determines the tunneling probability and thus the field 

emission current. 

In the case of coated Mo emitters, the potential between the Fermi level of Mo and the 

Fermi level of the analyzer is defined by the applied voltage V. Depending on thickness, 

permittivity, and conductivity of the semiconductor coating, band bending induced by space 

charge or by the penetration of applied electric field may shift the Fermi level at the 

semiconductor-vacuum interface relative to its position at the Mo-semiconductor interface. If 

field emission occurs from the semiconductor/vacuum interface, any band bending in the 

coating will be reflected in FEED spectra. 

C. Experimental Set-up 

Field emission energy distribution experiments were carried out using a test device that 

consisted of a tip holder facing a metallic gate with a circular opening of 500 |im diameter. A 

tip was positioned 500 Jim from the gate, and was centered with the gate opening. All FEED 

measurements were performed in a UHV analysis chamber with a base pressure of 10 Torr. 

The test device could be transferred in vacuo to a heating stage, in order to clean the surface of 

the field emitter by thermal desorption, and to anneal emitter coatings. 

The test device was aligned with the collection lens system of a hemispherical electron 

analyzer (VG Instruments CLAM II); the gate and spectrometer were both kept at ground 

potential, while a negative bias voltage was applied to the tip-shaped emitter. Individual FEED 

spectra were recorded at a constant applied voltage. Typically, several scans were recorded and 

added to improve the signal-to-noise ratio. The spectrometer pass energy was set between 2 

and 20 eV, dwell time was 0.2 s, and the energy step was 0.05 eV. Voltage dependent-FEED 

measurements were performed as a series of individual FEED spectra taken sequentially at 

different, systematically varied, applied voltages. 

D. Sample Preparation 

Diamond and cubic boron nitride (c-BN) powders were used to coat tip-shaped Mo 

emitters. Diamond is an interesting coating material due to its large thermal conductivity, its 

chemical stability, and a negative electron affinity (NEA) of its H terminated (111) [1] and 



(100) [2] surfaces. I-V characterization data of diamond coated Mo field emitters have been 

published recently [5] and featured an enhancement of the field emission current, as compared 

to uncoated Mo tips. The diamond powder used was nominally undoped and Raman 

spectroscopy evidenced no Raman active defects. Cubic boron nitride also features NEA 

behavior, as has been demonstrated recently by UV-photoemission measurements [3]. 

Single Mo emitter tips were made from 125 |im thick Mo wire and were sharpened by 

electrochemical etching in a concentrated KOH solution. The wire was biased by 10 V DC 

against a Pt counterelectrode. Typical radii of curvature of the sharpened Mo tips were less than 

100 nm as measured by Scanning electron microscopy (SEM). Diamond and c-BN coatings 

were deposited subsequently by electrophoresis [6]. The field emitters were thermally annealed 

to 500°C for several hours after the electrophoretic coating was applied and prior to FEED 

characterization. The shape of the bare Mo tips, as well as the thickness and uniformity of 

electrophoretic coatings was monitored by SEM, before and after the FEED experiments. 

E. Results 

Voltage dependent-FEED measurements were performed on both diamond and c-BN 

coated Mo tips, and extraction voltage dependent potential drops across both types of coatings 

were observed. As was reported previously [7], FEED analysis of annealed, diamond coated 

Mo emitters revealed a linear decrease in the energy loss (E - Ep) of emitted electrons with the 

applied voltage, as seen in Fig. 2. In contrast, the bare Mo tip showed no FEED peak shift. 

The observed peak shift for coated emitters was attributed to field-induced band bending. 

350 400 450 500 550 600 650 

Applied Voltage V [eV] 

Figure 2. Measured FEED peak shifts from an annealed, diamond coated Mo emitter 
(solid line). Coating thickness: 100 nm. Peak positions vary linearly with bias 
voltage. Data from the same emitter prior to coating are shown for comparison 
(dashed line). 



Peak shifts on the order of several eV were also measured in the case of c-BN coated 

emitters. Figure 3 shows the voltage dependent FEED peak shift observed on a Mo tip coated 

with a 1 |im thick c-BN coating. Similar to the annealed, diamond coated Mo tip an energy 

loss, depending linearly on the applied voltage, was observed. 

In both cases, peak shifts of several eV occurred at applied voltages on the order of 

V = 1 kV, the distance between the tip and extraction grid was constant at 500 |im for all 

measurements. The magnitude of the observed shifts is in agreement with earlier data [8]. The 

coatings investigated in this work were nominally undoped. It can be expected that 

considerably smaller potential drops occur across more conductive, doped emitter structures. 

No noticeable potential drops across boron-doped diamond samples have been reported to date. 

In comparison with annealed samples, the non-annealed emitters showed larger FEED peak 

shifts depending nonlinearly on the bias voltage. The annealing step was found essential to 

enhance the field emission current by up to one order of magnitude for a given bias voltage, 

and to improve its stability. 

F. Interpretation 

A two-barrier mechanism has been proposed [9, 10] to explain field emission from 

diamond samples, see Fig. 4. It consists of electron injection from the Fermi level of Mo into 

the conduction band of diamond, thermalization to the conduction band minimum (CBM), and 

subsequent field emission from the CBM at the diamond/vacuum interface. 

The proposed model explains the measured FEED spectra and, in particular, the observed 

linear dependence of FEED peak position vs. the applied voltage. 

-1.0- 

*Sv 1 > 

-1.5. 
. •V^    ' i 

> 

Uj"-2.0- iV«. 
JJJ 

g -2.5. ( E - EFW->0) = (4.8±0.5)eV 
UJ 

■"■ » ^^ 

-3.0- r 
850 900               950              1000 1050 

Applied Volte geV [V] 

Figure 3. Measured FEED peak shifts from an annealed, c-BN coated Mo emitter. 
Coating thickness: 1 \im. Similar to the case of diamond coatings, peak 
positions were found to vary linearly with bias voltage. 



Metal 
Widebandgap 

material Vac. 

I 
Uj 

Figure 4. Two-barrier model describing field emission from a wide band gap material 
with electron affinity %, coated on a metal electrode with work function &. 
Electrons are injected from the Fermi level Ep of the metal into the conduction 
band of the wide band gap material. After thermalization to the conduction band 
minimum (CBM), emission takes place at the semiconductor/vacuum interface. 
Due to field induced band bending a potential drop AV occurs across the wide 
band gap material, and induces a FEED peak shift as illustrated. VL: vacuum 
level, VBM: valence band maximum. 

An extrapolation of measured FEED peak positions toward V = 0 has been used to 

determine the origin of field emitted electrons [7]. This extrapolation to flat band condition 

yields the approximate energy of the band in the semiconductor from which field emitted 

electrons originated. As the diamond powder used in this experiment was nominally intrinsic, 

its Fermi level would be close to midgap. The band gap of diamond is 5.5 eV, so that under 

ideally intrinsic conditions, its CBM is located 2.8 eV above the Fermi level. Linear 

extrapolation of FEED peak positions to V = 0 led to (E - Ep) - (3±0.3) eV, as shown in 

Fig. 2. This is in good agreement with the expected position of the CBM. Emission from the 

valence band maximum (VBM), as was observed in the case of boron doped diamond [11], 

could be ruled out for the samples investigated here; as the VBM of diamond is located below 

its Fermi level, extrapolation towards flat band condition would yield (E - Ep) < 0. Hence, in 

agreement with the proposed model, field emission originated from the CBM of diamond. 

A similar behavior was observed in the case of a c-BN coating, see Fig. 3. Linear extrapola- 

tion of FEED positions to flat band condition yielded in this case (E - Ep) = (4.8±0.5) eV at 

V = 0. The band gap of c-BN is 6.2 eV, so that the CBM of an intrinsic sample would be 

3.1 eV above the Fermi level. The fact that the extrapolation led to a larger energy than that of 

the CBM under ideally intrinsic conditions, indicated that the c-BN powder used was slightly 

p-type doped and that the Fermi level was shifted below midgap. Again, field emission from 

the VBM could be excluded as an explanation of the experimental data. The investigated c-BN 



coatings featured a behavior very similar to that of the diamond coatings, and the essential field 

emission properties could be understood using the same two-barrier model. 

The extrapolated FEED peak positions towards flat band condition also allow estimation of 

the relative importance of the two barriers. According to Fig. 4, the injection barrier height at 

the metal/semiconductor interface can be estimated from the extrapolated FEED peak positions. 

It is considerably higher than the field emission barrier at the semiconductor/vacuum interface, 

which is given by the electron affinity of the semiconductor. As both diamond and c-BN may 

feature a NEA surface, the field emission barrier into vacuum may vanish completely. 

Additionally, the electric field inside the semiconductor is reduced by a factor e, which further- 

more reduces the tunneling probability at the Mo/semiconductor interface. Hence, the results 

indicate that the field emission current was limited by electron injection into the semicondutor's 

conduction band rather than by field emission from the conduction band into vacuum. 

The proposed model accurately describes the field emission properties of annealed emitters; 

non-annealed samples, however, featured a nonlinear dependence of peak shift on the applied 

voltage. A possible explanation may be found in the initial presence of an insulating oxide layer 

on the Mo tip which limited current injection into the semiconductor layer. Under steady state 

conditions, a positive space charge may have built up in the semiconductor layer due to electron 

depletion by field emission, and only partial compensation by limited electron injection. This 

conjecture has been supported by a TEM study that identified 100 Ä thick oxide layers on 

similarly prepared Mo tips [12]. Also, in the case of annealed diamond coatings, a conductive 

M02C interlayer was observed by TEM [13], which explains the observed improvement in 

field emission current after annealing. 

G. Conclusions 

The field emission behavior of tip-shaped Mo emitters coated with nominally undoped 

diamond and cubic boron nitride has been studied in detail. The use of voltage dependent field 

emission energy distribution measurements led to an improved understanding of the field 

emission process. Direct evidence of relevant, field-induced band bending has been found in 

both, diamond and c-BN coatings. Voltage drops on the order of several V were measured 

across layer thicknesses of several 100 nm, at a cathode-gate distance of 500 fim, and applied 

voltages on the order of 1 kV. Extrapolation of FEED data to flat band condition allowed 

identification of the origin of field emitted electrons. Nominally undoped diamond and c-BN 

coatings were found to emit from their CBM. FEED measurements confirmed a two-barrier 

model, which consists of (1) electron injection at the metal/semiconductor interface into the 

semiconductor's conduction band, (2) relaxation to the CBM, and (3) subsequent field 

emission from the CBM at the semiconductor/vacuum interface. 
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III. Surface Cleaning, Electronic States and Electron Affinity of 
Diamond (100), (111) and (110) Surfaces 

Abstract 

The effects of cleaning natural type lib diamond (100), (111) and (110) samples by 

annealing and hydrogen - or deuterium plasma exposure were investigated by means of 

ultraviolet photoemission spectroscopy (UPS). Two wet chemical cleaning processes (a 

conventional chromic acid clean and an electrochemical etch) and a H plasma exposure have 

been employed to clean natural type lib semiconducting diamond C(100) wafers. The effects of 

these processes on the diamond surface have been assessed and compared. As evidenced by 

Auger electron spectroscopy (AES), an oxygen free surface could be obtained following 

vacuum annealing to 900°C for the electrochemical process compared to 1050°C for the 

chromic acid etch. In addition, the technique of atomic force microscopy (AFM) demonstrated 

the presence of oriented pits on the surface of samples that were electrochemically etched for 

long times at high currents. After a H plasma exposure the NEA peak in the UPS spectra 

doubled in intensity. An anneal to 1100°C resulted in the removal of the sharp NEA feature. A 

second H plasma treatment resulted in the reappearance of the NEA peak similar to that after the 

first H plasma exposure. A 2x1 reconstructed low energy electron diffraction (LEED) pattern 

was observed subsequent to the anneals as well as the H plasma treatments. The fact that a 

NEA can be induced or removed repeatedly by means of a H plasma exposure or a 1100°C 

anneal, respectively provides evidence to correlate the appearance of a NEA with the presence 

of a monohydride terminated surface. Corresponding effects were found for (111) and (110) 

surfaces. A NEA could be induced by a H plasma and removed by a 900°C or 800°C anneal 

for diamond (111) or (110) surfaces, respectively. Following a deuterium plasma clean the 

diamond surfaces exhibited a NEA like the ones treated by a hydrogen plasma, but higher 

annealing temperatures were necessary to remove the NEA due to deuterium than for 

hydrogen. 

A. Introduction 

The electron affinity of a semiconductor is defined as the energy difference between the 

vacuum level and the conduction band minimum. For most materials the vacuum level lies 

above the conduction band minimum, corresponding to a positive electron affinity. Surfaces of 

wide band gap semiconductors like diamond have the potential of exhibiting a negative electron 

affinity (NEA) since the conduction band minimum lies near the vacuum level to begin with. 

Electrons present in the conduction band have sufficient energy to overcome the workfunction 

of a NEA surface and can be emitted into vacuum. Indeed, different surface terminations can 

shift the position of the bands with respect to the vacuum level and, therefore, induce a NEA or 

remove it [1-5]. These changes have been found to be due to surface adsorbates. Different 
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surface adsorbates result in changes of the surface dipole. The surface dipole can lead to a 

positive or negative electron affinity. For example hydrogen has been reported to induce a NEA 

on the diamond (111) and (100) surfaces. Whereas oxygen leads to a dipole such that a 

positive electron affinity is observed on these surfaces. 

The surface cleaning and following processing steps will directly affect the surface 

termination of the diamond and, therefore, affect the electron affinity. In this study, several 

common surface preparation techniques are employed to clean different surfaces of natural 

diamond samples, and electronic structure and electron affinity are measured. In particular, the 

study focuses on the role of oxygen or hydrogen termination in comparison to the adsorbate 

free surface. 

Different wet chemical cleaning methods have been employed to remove non diamond 

carbon and metal impurities from the diamond surface. One approach includes immersion in 

boiling chromic acid and aqua regia. Another is an electrochemical etch to remove conductive 

surface layers [6]. It has been shown that either procedure is capable of removing non diamond 

carbon [6,7]. Following both approaches the diamond surfaces were found to be covered with 

oxygen. To remove these contaminants vacuum cleaning steps such as annealing or plasma 

exposure can be used. 

Oxygen termination on the C(100) surface has been reported to lead to a lxl structure [8]. 

Two possible bonding configurations have been proposed for the oxygen terminated 

surface [9]. In one an oxygen atom is double-bonded to a carbon atom. Or an oxygen atom 

could form a bridge between two adjacent carbon atoms. Both structures are consistent with a 

lxl LEED pattern. In contrast a 2x1 reconstruction has been observed following a 900°C to 

1000°C anneal or a H plasma exposure. Also, these surfaces were found to exhibit a NEA [8]. 

The 2x1 structure and the NEA are indicative of a monohydride termination. In the presence of 

atomic hydrogen, a 2x1 monohydride structure has been found to be the most stable according 

to theoretical studies [8]. Furthermore, for the 2x1 reconstructed surface ab initio calculations 

determined a NEA for a monohydride terminated surface and a positive electron affinity for a 

surface free of adsorbates. 

As-loaded diamond C(l 11) samples have been reported to be at least partially covered with 

a monohydride. The monohydride terminated surfaces show a lxl unreconstructed LEED 

pattern. Also a NEA was detected for these samples experimentally by UPS [1-5]. Zhang et al. 

deduced a value of -1.56 eV for the electron affinity from pseudo potential calculations. 

Annealing these surfaces to above 950°C leads to a 2x1 reconstruction, and a positive electron 

affinity is observed. These changes are attributed to the removal of hydrogen. An Ar plasma 

clean was found to have the same effects on the electron affinity [5]. 

The clean diamond C(110) surface has been reported to exhibit a lxl LEED pattern [4, 

10-12]. However, there has been considerable difficulty in obtaining a high quality (110) 
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surface [13]. Pate et al. observed only washed out photoemission spectra from the (110) 

surface and attributed this to a poor quality (110) surface [11]. Desorption of hydrogen from 

the C(110) surface has been addressed in several studies. Using photon stimulated ion 

desorption Pate found a significant reduction in hydrogen on the (110) surface at 800°C [4]. 

By means of ionization loss spectroscopy Pepper reported changes in the electronic structure at 

850-900°C that were attributed to hydrogen desorption from the surface [14]. Employing 

multiple internal reflection infrared spectroscopy McGonigal et al. determined that the C-H 

stretching mode on a (110) surface vanished for annealing temperatures between 800 and 

900°C [15]. This effect has been associated with the desorption of hydrogen. But hydrogen 

desorption has been reported up to 1050°C [4] from a C(110) surface. 

Deuterium terminated C(100) surfaces have examined by Francz and Oelhafen [16] by 

means of UV photoemission spectroscopy. A weak low energy feature indicative of a NEA 

was detected for a deuterium exposed (100) surface. UPS spectra of the clean surface were 

found to exhibit a peak at 1.5 eV to 2.0 eV below the Fermi level. This peak was reduced 

following deuterium exposure. As determined by means of X-ray photoemission spectroscopy 

(XPS), deuterium could be desorbed from C(100) surfaces at 1177°C [17]. Using time-of- 

flight scattering and recoil spectroscopy, Koleske et al. have studied the abstraction of 

hydrogen and deuterium from polycrystalline diamond surfaces [18]. The rate of H abstraction 

of D was determined to be about 1/3 the rate found for D abstraction of H. This result was 

interpreted by means of differences in momentum transfer for the two isotopes. 

Photoemission spectroscopy is a very sensitive method to determine whether a surface 

exhibits a NEA or to measure the positive electron affinity. The incident light excites electrons 

from the valence band into states in the conduction band. Some of these electrons 

quasithermalize to the conduction band minimum. For NEA surfaces these secondary electrons 

may be emitted into vacuum and are detected as a sharp feature at the low energy end of 

photoemission spectra [4, 19]. A careful measurement of the width of the photoemission 

spectrum can be used to determine if the low energy emission occurs from the conduction band 

minimum. However, for a positive electron affinity emission from the conduction band 

minimum will not occur and the value of the electron affinity can be deduced. 

In this study, the effects of different wet chemical and in vacuo cleaning processes on 

diamond (100), (111), and (110) samples are analyzed in terms of surface structure, chemistry, 

morphology and electron emission. 

B. Experimental Details 

The ultra high vacuum (UHV) system employed in this study consists of several 

interconnected chambers including systems used for annealing, H plasma cleaning, ultraviolet 

photoemission spectroscopy (UPS), low energy electron diffraction (LEED) and Auger 
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electron spectroscopy (AES). Samples can be moved between the chambers by a rail mounted 

UHV transfer system. 

Natural type lib single crystal semiconducting diamond (100), (111) and (110) samples 

(3.0x3.0x0.25 mm) were used in this study. The semiconducting wafers were necessary since 

undoped samples were charging up and did not yield any signal. The resistivity of the samples 

was typically about 104 ficm. The samples were commercially polished by 0.1 |im diamond 

grit. Prior to loading in the UHV system the samples were cleaned by an electrochemical 

etch [6]. This included applying a DC bias of 350V between two Pt electrodes that were placed 

in deionized (DI) water as an electrolyte. The samples were suspended in water between the 

two electrodes. The surface of the sample that was to be cleaned of non-diamond carbon and 

metal contaminants was positioned to face the cathode. A constant current of about 0.5 mA was 

measured, and a typical etch lasted two hours. Following the electrochemical etch SiC»2 residue 

was detected and a HF dip was employed to remove the residue from the surface [7]. 

To examine the effect of different wet chemical etches on the surface properties, some 

diamond (100) samples were cleaned by a chromic acid etch. This cleaning step involved 

immersing the samples for 15 min in boiling chromic acid (Cr03:H2S04) to remove non- 

diamond carbon. This was followed by boiling for 15 min. in aqua regia (3HC1:1HN03) to 

remove metal contaminants. Finally the samples were rinsed in deionized (DI) water. After 

each of the two cleaning processes the samples were blown dry with N2, mounted on a 

molybdenum holder and transferred into the UHV system. This system consists of several 

chambers that are interconnected with a transfer line. The transfer line has a base pressure of 

lxlO-9 Torr. The base pressure in the chamber used for annealing and UPS measurements 

was2xl0~10 Torr. 

As in vacuo cleaning steps the diamond (100) samples were annealed between 500 and 

1150°C. This caused the pressure to rise to between 8x 10~10 - 7x 10-9 Torr during the various 

anneals. These same wafers were also cleaned with a H plasma. For this purpose the diamond 

crystals were heated to 500°C and exposed to a remotely excited rf H plasma. The details of the 

plasma chamber have been described previously [20]. During the plasma clean the H pressure 

was held at 50 mTorr. 

In a similar manner annealing and H plasma exposure were used to clean diamond (111) 

and (110) samples. An optical pyrometer focused on the Mo plate holding the sample was 

employed to measure the temperature during the anneals. 

For comparison, diamond (100) and (110) samples have also been exposed to a deuterium 

instead of a hydrogen plasma. Except for using a different gas the process parameters for either 

plasma were the same. These experiments were done to determine whether deuterium with its 

higher mass than hydrogen would change the surface characteristics in terms of emission and 

stability. 
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Following the different cleaning steps, UPS, LEED and AES were employed to analyze the 

surface properties. The photoemission was excited by Hel (21.21 eV) radiation from a gas 

discharge lamp. A 50 mm hemispherical analyzer was employed to detect the emitted electrons. 

The system had an energy resolution of 0.15 eV and an acceptor angle of 2°. To determine the 

Fermi level UPS measurements were performed on reference samples of freshly deposited gold 

layers. A bias of 1 or 2V was applied to the sample to overcome the workfunction of the 

analyzer and thus to detect the low energy electrons emitted from the NEA surface. The 

position of the sharp NEA peak at the low energy end of photoemission spectra corresponds to 

the energy position of the conduction band minimum, Ec (Fig. 1). Emission from Ec appears 

at Ev + EG in the spectrum, where Ev is the energy of the valence band maximum and EG 

that of the band gap. Emission from the valence band maximum is positioned at Ev + hv in the 

spectrum. This is the high energy end of the spectrum. The spectral width or the distance 

between emission from the valence band maximum and the conduction band minimum is 

therefore hv-EG. With the values for He I radiation hv = 21.21 eV and the band gap of 

diamond EG = 5.45 eV, a spectral width of- 15.7 eV is determined for a NEA surface. It can 

only be determined that the surface exhibits a NEA. However, the magnitude of the NEA can 

not be measured by UPS since there is no emission from states below the conduction band 

minimum. In comparison, for the case of a positive electron affinity surface, the low energy 

cutoff will be determined by the position of the vacuum level, and the spectral width will be 

Low Energy End 
of Spectrum 

High Energy End 
of Spectrum 

Evoc for Positive Electron Affinity 

EVit for Negative Electron Affinity 

Figure 1. Schematic diagram of photoemission spectra for a negative electron affinity 
surface (dotted line) and a positive electron affinity surface (solid line). 
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smaller. Thus, the actual value of the electron affinity can be deduced from the position of the 

low energy end. This means the low energy cutoff will change in proportion to the magnitude 

of the electron affinity. 

C. Results 

Comparison of Chromic Acid and Electrochemical Etch for Diamond (100). Subsequent to 

either of the two wet chemical cleaning procedures the as-loaded diamond (100) crystals 

exhibited a comparable unreconstructed (lxl) LEED pattern. Furthermore, AES spectra 

showed peaks indicative of the presence of oxygen on all samples. A 500°C anneal did not 

remove a significant portion of the oxygen from the surface as detected by means of AES 

indicating that most of the oxygen was chemisorbed. Upon heating to 900° C a reduction of the 

surface oxygen (Fig. 2 a) was observed for diamond substrates cleaned by employing chromic 

acid, but the surfaces remained in the lxl structure. The UPS spectra of the as-loaded samples 

as well as those heated to 500 or 900°C showed a positive electron affinity. The position of the 

low energy cutoff moved to lower energies with increasing annealing temperature. This is 

indicative of a lowering in electron affinity. Values for the electron affinity of 1.0 eV and 

0.7 eV were detected following 500 and 900°C anneals, respectively. These values are 

consistent with previous results [8]. Following an anneal to 1050°C the amount of oxygen on 

the surface dropped below the detection limit of the AES instrument. A reconstructed (2x1) 

LEED pattern appeared. In addition, the width of the UPS spectra increased to ~ 15.7 eV, and 

a sharp low energy feature appeared indicating a NEA following the last annealing step. 

Following a hydrogen plasma clean the 2x1 LEED pattern was still observed. Interestingly, 

the intensity of the NEA peak in the UPS spectra had increased. A 1150°C anneal resulted in a 

positive electron affinity, but a second H plasma exposure could re-induce the NEA peak. 

Following the second H plasma exposure the secondary peaks of the 2x1 LEED diffraction 

was weaker. This may be attributed to a reduction in size of the 2x1 reconstructed domains. 

In comparison, AES spectra of the as-loaded electrochemically etched diamond (100) 

samples displayed features indicative of the presence of SiOz surface residue. A UV ozone 

exposure and an HF dip removed these contaminations as evidenced by AES (Fig. 2b). Also 

the amount of fluorine was below the detection limit of the AES equipment. The amount of 

oxygen remaining after the clean appeared to be somewhat less than for the surface cleaned by 

the chromic acid etch. A 500°C anneal basically did not change the oxygen feature in the AES 

spectra, and a positive electron affinity of 1.45 eV was detected by using UPS. 

After annealing to 900°C oxygen was no longer detected by AES. Again, the surface 

exhibited a 2x1 reconstructed structure. Furthermore, a sharp low energy peak positioned at 

the conduction band minimum was detected in the UPS spectra (Fig. 3). Thus a NEA was 
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Figure 2a. Auger spectra of diamond C(100) following chromic acid clean as a function of 
annealing temperature. The as-loaded surface exhibits features indicative of 
oxygen which can be reduced at 900°C and removed at 1050°C. A reconstructed 
2x1 LEED pattern and a NEA were observed following the 1050°C anneal. 
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Figure 2b. Auger spectra of diamond C(100) following chromic acid clean as a function of 
annealing temperature. The as-loaded surface exhibits features indicative of 
oxygen which can be removed at 900°C. A reconstructed 2x1 LEED pattern and 
a NEA were observed following the 900°C and 1050°C anneal. 
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Figure 3. UV photoemission spectra of a diamond (100) surface cleaned by means of an 
electrochemical etch. The sequence of spectra follows from bottom to top: 
900°C anneal, first hydrogen plasma, 1100°C anneal, 1150°C anneal, second 
hydrogen plasma. 

induced at lower temperatures than for the chromic acid etch. Upon heating to 1050°C neither 

the AES spectrum nor the LEED pattern changed. Also, the NEA surface was retained. 

Exposing the sample to a H plasma resulted in about double the intensity for the NEA peak. In 

addition, emission extending to 0.3 eV below the conduction band minimum was observed. A 

1100°C anneal resulted in the removal of the sharp NEA peak and a shift of the low energy end 

by 0.5 eV to higher energies. As evidenced from the position of the strong feature labeled "B", 

the entire spectrum shifted by 0.3 eV to lower energies. The low energy end still exhibited a 

small shoulder that was removed after a 1150°C anneal. This small shoulder may be due to 

some hydrogen remnants on the surface following the 1100°C anneal. A feature positioned at 

1.2 eV below the valence band maximum was detected subsequent to the 900, 1000 and 

1150°C anneals. (Due to shifts in the spectra, this peak appeared at 1.8 eV below the Fermi 

level following a 900°C anneal and at 2.1 eV below the Fermi level after a 1100 and 1150°C 

anneal.) 

A second H plasma clean resulted in a UPS spectrum similar to that obtained after the initial 

H plasma. The LEED pattern remained reconstructed 2x1. But the secondary spots were again 

lower in intensity after the second H plasma clean. Following an extended hydrogen plasma 

exposure the diamond (100) surface exhibits emission at the low energy end of UPS spectra to 

0.2 eV below the expected position of the conduction band minimum. (For further discussion 

of this feature see paragraph "E." in the Results section.) See Table I for a summary of results. 

17 



< a 
OH X> 

«'S 
3  C 
a <o 
1)   CJ 

E u 

E » 

1* 

wx: 
^o 
« T3 

H  ° *^   C »—1 
V—'   GO 

8 

g   S   S3 

S   O 

a 8 
a 

■a 
u 
Ü c 
3 E   <L> 

lag 
Sag 
E .c q 

■g ex 
X u 

.8 

o 
V 

IT) 

U       ll 

§ S 

> 
<L> 
O r~ 
o O 
II    V 

^^ 
u J- ^* 
b^ S öBiB 
ON OH Z 

> > 
in 

II    II 

S w w 
Vlfc   OH 

e a 
»ft 0) 

13 ■a 
TJ 

« 
is 
4) 
43 

e 
P 1 
£ <U 
O a> 
u< u. 
H H 
la U-i 

CO 
/—S 
o o 
o o 

u 

> 
u 

>n 
r- 
o 
ll 
< 
(X 

o 
V 

& I 

>> 
<D   CJ 

m m 

ö © 
U  II   ll 

^- o« &, 

> 
>n o 

Sv 

II* U 

c s 

£§ 
s s to to 

pl
as

m
a 

pl
as

m
a 

SQ 
t-i    w 

■a*a 

o o 
CO U U u uu 

> 

ö 
II 

ON OH 

o 
V 

I« 
KZ 

8* NO "^ 

2< 
H W 
«Z 

X! 
a 

1 
u 
CO E 
.a .S 
E 
1 o 

u o 
to 
8 

<S a 

u 

> 
xO 

o 
II 

;*£ 
© 

8 
00 Pi 

o 
V 

I« 
az 

> > > 
4)    O 

NO NO   NO 
o o o 

II II   II 
X J^?* 

80
0'

C
 

PE
A

, 

90
0'

C
 

PE
A

, 
PE

A
, 

> o> 
NO 

o Ö o 
V II    v 
X X* 

r U -r Jt 
R sgg Z 00 OH   Z 

o 

s s 
S i 
8 8 
to to 
cd C3 

E E 
ä 3 
o, d 
a O 
Uc 

« H 
■a "a 
o o 

U U 

18 



As determined by AFM measurements all the samples used in this study exhibited parallel 

linear groves to each other with a depth of ~ 20 Ä (Fig. 4a). These features are attributed to 

polishing procedure of the supplier. Subsequent to a chromic acid etch no changes in surface 

morphology of the samples was observed. Even after the substrates had been boiled in chromic 

acid and aqua regia for 2 hours each, no changes were detected in the AFM scans. Also, AFM 

images of crystals electrochemically etched for 2 hours at 0.5 mA did not reveal any changes 

either. For one diamond (100) sample the duration of the electrochemical etch was extended to 

study possible effects on the morphology. Also, the current was increased. Following an 

extended electrochemical etch of 12 hours at 50 mA, scattered pits could be detected on the 

diamond surface. In fact it was determined that these etch pits were oriented along the <110> 

crystallographic directions (Fig. 4b). AES scans of these surfaces displayed larger peaks 

attributed to Si02. In a comparative experiment graphite and damaged amorphized diamond 

surface layers were removed by this electrochemical etch [7]. Based on these observations we 

<110> 

36 

1000  A 

Figure 4a.       AFM image of diamond (100) following polish. 
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<110> 

fl 
200 

1000 H 

Figure 4b.       AFM image of diamond (100) after electrochemical etching for 12 h at 50 mA. 
Etch pits oriented along the <110> crystallographic direction are detected. 

propose that the etch pits actually mark the location of defects in the surface region of the 

diamond. Such defects may be a result of the polishing procedure or could also be intrinsic to 

the natural diamond crystals. 

Diamond (111) Surfaces. It has been reported previously that as-loaded diamond (111) 

samples may be at least partially terminated with a monohydride [4, 5]. The C(lll) samples 

studied here have been cleaned by an electrochemical etch. Most of the as-loaded diamond 

(111) samples exhibited a positive electron affinity. A few displayed a sharp low energy peak 

in the UPS spectra indicative of a NEA. Annealing to 600°C resulted in a NEA for all of the 

samples studied. A H plasma exposure resulted in a NEA which could be removed by a 

subsequent 950°C anneal. Diamond (111) surfaces cleaned by a chromic acid etch have been 

examined previously [5]. This reference also reports that a peak positioned 1.2 eV below the 

valence band maximum was detected following the 950°C anneal. As far as can be told from 
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our and previous [5] experiments the properties of the diamond surfaces following either one 

of the two wet chemical cleaning processes did not differ significantly. Various portions of the 

surface may be hydrogen terminated subsequent to either one of the two wet chemical cleaning 

processes. In addition, we've observed that subsequent to a hydrogen or deuterium plasma 

treatment several diamond (111) surfaces exhibited not only a NEA peak but also an additional 

low energy feature positioned about 0.4 eV below the expected position of the conduction band 

minimum. (This effect is discussed further in paragraph "E." of the Results section.) The 

results are summarized in Table I. 

Diamond (110) Surfaces. An electrochemical etch has been used to clean the C(110) 

samples. The as-loaded (110) samples exhibited features indicative of oxygen in the AES 

spectrum. Also a positive electron affinity was observed by means of UPS. Subsequent to 

annealing the samples to 700°C, a lxl LEED pattern was observed, and the oxygen 

concentration on the surface dropped to below the detection limit of the AES instrument. The 

low energy cut off of the UPS spectrum shifted to lower energies (Fig. 5), indicating a 

reduction of the electron affinity. In addition, a sharp low energy peak attributed to a NEA 

appeared. A 800°C anneal removed the sharp NEA feature, and the width of the spectrum was 

reduced by 0.7 eV. Only for one (110) surface studied a 2x1 LEED pattern was observed. The 

other (110) surfaces showed a lxl LEED pattern. All these surfaces exhibited equivalent UPS 

spectra. In particular, at the high energy end of the spectra a feature positioned at 1.8 eV below 

UV Photoemission Spectrum 
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Figure 5. UV photoemission spectra of a diamond (110) surface. A NEA was observed 
following a 700°C anneal. A 800°C anneal removes the NEA. The NEA can be 
induced and removed again by a hydrogen plasma etch and a 800°C anneal, 
respectively. 
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the valence band edge appeared following a 700 or 800°C anneal (Fig. 5). Exposing the 

surfaces to a H plasma resulted in the re-appearance of the NEA characteristics. It was also 

determined that the emission extended about 0.4 eV below the conduction band minimum (Ec). 

(See paragraph "E." of the Results section.) In addition, the peak located at 1.8 eV below the 

valence band edge was reduced significantly (Fig. 5). Following a H plasma exposure a lxl 

LEED pattern was found for all the (110) surfaces studied. Employing a 800°C anneal the NEA 

could be removed again. And the peak at 1.8 eV below the valence band edge reappeared. The 

characteristics of the high energy end of the spectrum observed subsequent to a 700°C anneal 

appeared to be in between those detected following a 800°C anneal and those observed after a 

H plasma exposure. Refer to Table 1 for a summary of the results. 

Effects of Deuterium Plasma Cleaning. Deuterium plasma exposure at a temperature of 

500°C resulted in the removal of oxygen from the diamond (100) and (110) samples, as 

evidenced by AES. Also, a 2x1 LEED pattern was detected for C(100) and a lxl structure for 

C(l 10). These effects are equivalent to the case of a hydrogen plasma. Following a deuterium 

plasma clean the diamond surfaces exhibited a NEA like the surfaces treated by a hydrogen 

plasma. However, differences in the thermal stability were found between deuterium versus 

hydrogen on diamond surfaces. 

While the NEA attributed to hydrogen termination of diamond (100) surfaces could be 

removed by a 1100°C anneal, the NEA was still observed after annealing deuterium terminated 

diamond (100) surfaces to 1200°C. Heating to 1250°C was necessary to remove the NEA from 

these surfaces. 

Similarly, annealing hydrogen terminated diamond (110) surfaces to 800°C resulted in a 

positive electron affinity. But following a 850°C anneal a NEA due to deuterium was still 

detected. Only after a 900°C anneal could the NEA be removed from diamond (110) surfaces. 

Figure 6 shows the thermal characteristics of the deuterium terminated diamond (110) surface. 

The results show that annealing a deuterium terminated (110) surface to 800°C causes an 

apparent increase in the intensity of the NEA peak while the low energy shoulder is no longer 

detected. 

In our study, high temperature anneals were employed (up to 1250°C) to clean the diamond 

surfaces. It is important to ensure that none of these processes caused graphitization of the 

diamond surfaces. UV photoemission is very surface sensitive and could detect graphite 

contamination on these surfaces. Graphite shows a strong secondary peak positioned 13.5 eV 

below the Fermi level in UPS spectra, and a workfunction of 4.0 eV has been measured for 

diamond samples that had been graphitized [21]. In our experiments, no indication of 

graphitization was found in UPS spectra following any of the high temperature anneals. 

Low Energy Emission in UPS Spectra. Subsequent to a hydrogen or deuterium plasma 

treatment, several diamond (100), (111) and (110) surfaces exhibited not only a NEA peak but 
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UV photoemission spectra of a diamond (110) surface exposed to a deuterium 
plasma. The surface still exhibits a NEA following a 800°C anneal. A 900°C 
anneal is necessary to remove the NEA characteristics. 

also an additional feature at the low energy end of UPS spectra. This feature extended to 

0.2 -0.4 eV below the expected position of the conduction band minimum. To examine this 

effect further diamond surfaces have been cleaned by H plasma exposures of different 

duration. For a brief (10 s) H plasma clean of diamond (100) surfaces, only a NEA peak has 

been observed at the low energy end (Fig. 7). The surfaces did exhibit a 2x1 LEED pattern, 

and the oxygen had been removed as determined by means of AES. For a subsequent (30 s) H 

plasma exposure, an additional low energy emission feature emerged. The intensity of the 

original NEA peak increased by about 10%. We have also observed that with increased time of 

H plasma exposure, the secondary spots in the 2x1 LEED pattern became weaker. It may be 

that the H plasma leads to a breakup of the surface into domains, each exhibiting a 2x1 

reconstruction. We'd like to note that for all the experiments reported in this study a gas 

purifier was used on the hydrogen and deuterium gas lines of the rf plasma system. Prior to the 

installation of this purifier it was possible to induce a NEA on diamond surfaces by means of a 

H plasma. But no features below the conduction band edge were observed in the UPS spectra 

even for extended hydrogen plasma exposures. 

D. Discussion 

It is suggested that the appearance of a NEA on the diamond (100) surface and a 2x1 

reconstruction is due to the removal of oxygen as discussed previously [8,22]. It is interesting 

to note that the intensity of the NEA peak in the UPS spectra could be increased by employing 
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Figure 7. UV photoemission spectra of a diamond (100) surface following two 
consecutive hydrogen plasma exposures. A 10 second hydrogen plasma clean 
results in a NEA but no emission below the conduction band minimum. After a 
30 second hydrogen plasma etch, a low energy emission feature below the 
conduction band minimum emerges. 

a H plasma clean. Indeed, a H plasma could also induce a NEA on a positive electron affinity 

surface. However, a reconstructed (2x1) LEED pattern could be detected after every anneal 

(900°C, 1100°C and 1150°C) and H plasma exposure. Therefore, the surface is thought to be 

terminated with a monohydride after a 1050°C or a 900°C anneal for the (100) surfaces cleaned 

by a chromic acid or an electrochemical etch, respectively. The hydrogen that terminates the 

surface after annealing may come from hydrogen that has diffused into the diamond. 

Subsequent to the removal of oxygen from the surfaces, hydrogen could bond to the vacant 

sites on the surface. A NEA for the monohydride terminated 2x1 reconstructed (100) surface 

has been reported before experimentally as well as based on ab initio calculations [8,23]. From 

these same studies a positive electron affinity was reported for the clean 2x1 surface. Our data 

suggest that an adsorbate free surface could be obtained following a 1100°C/1150°C anneal. 

This means a sufficient amount of hydrogen was desorbed to remove the NEA. The feature 

detected at 1.2 eV below the valence band maximum following the anneals is suggested to be 

due to surface states. Such a feature has been observed previously at 0.95 eV below the 

valence band maximum [24]. 

A NEA peak of lower intensity was measured following the 1050°C (for samples cleaned 

by a chromic acid etch) or 900°C (for samples cleaned by an electrochemical etch) anneal than 

for a H plasma clean. After the anneals the surface is proposed to be partially terminated with a 

monohydride. From the intensity difference of the NEA peaks, we estimate that about half the 

surface was terminated by a monohydride following the 900°C anneal. Furthermore, the 
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remaining small low energy feature in the photoemission spectra following the 1100°C and 

1150°C anneals may be an indication that the hydrogen has not been removed completely from 

the surface. In comparison it is suggested that the H plasma resulted in a more complete 

hydrogen surface termination. 

It is noted that after an electrochemical etch and a HF dip an oxygen free diamond C(100) 

surface can be obtained at lower annealing temperatures than for a chromic acid clean. The 

electrochemical etch may oxidize the diamond surfaces differently than is the case for the 

chromic acid process. This could result in a higher temperature required to clean the surface 

from oxygen. But it also needs to be considered whether the HF dip contributes to the lowering 

of this annealing threshold for the (100) surface. Different configurations for oxygen bonding 

on diamond (100) surfaces have been proposed [9]. In one an oxygen atom is double-bonded 

to a carbon atom. Or an oxygen atom could form a bridge between two adjacent carbon atoms. 

Both structures are consistent with a lxl LEED pattern. The surface characterization 

techniques available for this study were not capable of distinguishing between these two 

structures. Thus we are not able to determine how the oxygen was bonded to the diamond 

surfaces subsequent to a chromic acid clean or electrochemical etch. Based on a surface dipole 

model Rutter and Robertson have calculated that the bridge bonding is expected to be more 

stable by 0.5 eV than the double bonding [25]. We have also observed that a 500°C anneal of 

chromic acid treated C(100) surfaces results in a value of +1.0 eV for the electron affinity. A 

value of+1.45 eV was found for annealing electrochemically etched C(100) surfaces to 500°C. 

Rutter and Robertson have calculated a lower positive electron affinity for oxygen on C(100) in 

a bridge bonded configuration than in a double bonded one. The results may suggest that a 

chromic acid clean results in a preferentially bridge bonded oxygen termination while an 

electrochemical etch may, on the other hand, lead to preferential double bonding of the oxygen. 

This may be a factor in the differences in the annealing temperature that is necessary to remove 

the oxygen from the (100) surface as well as the differences in electron affinity following a 

chromic acid etch or an electrochemical clean. Independent whether a chromic acid clean or an 

electrochemical etch had been used the clean (100) surfaces exhibited equivalent (within the 

experimental uncertainties of 0.1 eV) values for the positive electron affinity of 0.70 eV to 

0.75 eV (Table I). Further studies may be necessary to clearly understand the mechanism of the 

different wet chemical etching procedures, but it can be said that the electrochemical clean in 

combination with a HF dip apparently oxidizes the surface differently than a chromic acid etch. 

Oxygen is expected to increase the workfunction due to a stronger surface dipole in 

comparison to the clean surface. An adsorbate free surface would exhibit dangling bonds 

resulting in a dipole of the same polarity as for an oxygen terminated surface. A hydrogen layer 

on the surface results in a dipole such that the workfunction is reduced. However, the surface 

dipole may not only result from the differences in electronegativity between C and H or C and 
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O, but also the symmetry of the charge distribution at the site. Robertson [26] pointed out that 

both hydrogen and oxygen sites on the diamond surface are asymmetric, and this should lead 

to additional dipole effects and thus affect the electron affinity. 

Our data of the C(l 10) surface suggest that a reduction of electron affinity is correlated with 

the desorption of oxygen following a 700°C anneal, and the NEA characteristics are suggested 

to be due to hydrogen present at the surface. A 800°C appears to desorb a sufficient amount of 

hydrogen from the surface to result in a positive electron affinity. The reports by Pate [4], 

Pepper [14] and McGonigal et al. [15] indicate that a large portion of the hydrogen present on 

the surface was desorbed between 800 and 900°C while hydrogen desorption was observed up 

to 1050°C [4]. If any significant portions of the surface were still terminated by hydrogen, a 

peak characteristic of a NEA would be expected in the photoemission spectra. Hydrogen could 

also be present in the bulk of the diamond. This may contribute to some H desorption up to 

higher temperatures. It should be noted that it is difficult to measure the temperature of 

diamond due to its transparent nature. The temperature values mentioned in this and other 

studies may be off somewhat with respect to each other. This may reconcile some of the 

apparent differences in the results. In addition, differences in heating rate may play a role. 

Also, different surface cleaning processes may effect the surface characteristics. 

In previous studies, the diamond (110) surface has always been reported to exhibit a lxl 

LEED pattern [4, 10-12]. There has been considerable difficulty in producing high quality 

(110) diamond surfaces [13]. We have observed a 2x1 LEED pattern for one (110) surface 

following a 800°C anneal. However all the other surfaces studied exhibited a lxl LEED 

pattern. In the photoemission spectra, we have consistently observed a feature about 1.8 eV 

below the valence band edge subsequent to annealing. A H plasma reduced this feature 

significantly. This peak may be associated with surface states. Sometimes LEED is not 

representative of the actual surface structure. LEED may not detect local reconstructions that 

can result in electronic structures observable by photoemission spectroscopy. Previous studies 

reported that certain C(l 11) surfaces did not show reconstructed LEED patterns upon annealing 

[10, 19]. However, Himpsel et al. observed photoemission spectra indicative of a 2x1 

reconstruction for such a sample [19]. The long range order of a reconstructed surface could be 

disrupted as a result of roughening or etching following process cycles such as hydrogen 

adsorption and desorption. For the hydrogen terminated C(100) we have observed a 

weakening of the 1/2 order LEED spots following several cycles of annealing and H plasma 

exposure. 

In our experiments, it was observed that oxygen could be removed at lower annealing 

temperatures from diamond (110) than from (100) surfaces. Correspondingly a NEA could be 

induced at lower temperatures also. And a clean surface could be obtained at lower 

temperatures for the case of (110) surfaces than for (100). For diamond (111) surfaces a NEA 
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could be obtained at even lower temperatures. From the experimental evidence it can be 

concluded that oxygen is bonded the most strongly on diamond (100) surfaces. The top layer 

of atoms on the unreconstructed surface are bonded with two bonds to the atoms beneath while 

the other two bonds are free. It has been reported before that oxygen can be attached easily to 

the diamond (100) surface forming either a bridge bond between two carbon atoms or a double 

bond to one carbon atom [9]. On the C(111) surface the carbon atoms in the top layer are 

connected with three bonds to the next layer underneath. The fourth bond is oriented 

perpendicular to the surface. Assuming a truncated-bulk C(l 10) lxl surface the carbon atoms 

in the top layer have one bond available. Thus the lxl C(lll) and (110) surfaces each have 

one bond available. It makes sense that for a C(110) surface the temperature necessary to 

induce a NEA (700°C) is close to the one for the C(lll) surface (600°C). (A few C(lll) 

surfaces exhibited a NEA already after a wet chemical clean.) The temperature necessary to 

remove oxygen from C(100) (900°C) is somewhat higher. 

Our results of deuterium on C(100) are in agreement with the study on C(100) by Francz 

et dl. in that (a) deuterium exposure of the C(100) surface reduced the emission feature at 

1.2 eV below Ev and (Jo) a NEA was observed for the deuterated C(100) surface. But we have 

found strong NEA peaks of similar high intensity for both hydrogen and deuterium 

termination. Our value of 1250°C for the deuterium desorption temperature from a C(100) 

surface is somewhat higher than the value of 1177°C found by Smentkowski et dl. [17]. But 

the different temperature values may be off somewhat with respect to each other due to the 

difficulty of determining the temperature of diamond. For C(100) and C(110) surfaces the 

annealing temperature necessary to remove a NEA due to deuterium was higher than for the 

case of hydrogen. This is attributed to the higher mass of deuterium which leads to a higher 

desorption temperature. Otherwise the NEA characteristics of hydrogen—or deuterium 

terminated diamond surfaces were found to be equivalent. Similar effects may be expected for 

the C(lll) surface. The dipole induced by hydrogen or deuterium on diamond is expected to 

be the same. 

The emission observed below the conduction band minimum after an extended hydrogen or 

deuterium plasma may be a result of band bending. The band bending may be due to states in 

the band gap that cause Fermi level pinning. Another possibility is H passivation of the boron 

acceptors near the surface which will lead to different band bending for the different regions on 

the surface. In either one of these two cases the surface could consist of different domains 

exhibiting differences in band bending. If the spectrum is a superposition from regions with 

different Fermi levels, the spectrum will appear broader with additional features at both the 

valence band and the low energy cutoff. Since the spectral intensity is strongest at the low 

energy end, it is likely to be most evident here. Another explanation may be that emission due 

to excitons occurs. Bandis and Pate have described this effect for C(l 11) surfaces exhibiting a 
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NEA [27]. Such an effect could lead to emission below the conduction band edge even while 

the band bending is constant for the entire surface. 

E. Conclusions 

The replacement of oxygen with hydrogen has been found to induce a NEA on C(100), 

(111) and (110) surfaces. This could be achieved by an anneal or a H plasma exposure. A high 

temperature anneal capable of removing the adsorbed hydrogen resulted in clean surfaces 

exhibiting a positive electron affinity. Our studies indicate that oxygen was bonded the most 

strongly to the diamond (100) - and the most weakly to the diamond (111) surface. According 

to the annealing temperatures necessary to remove a NEA from hydrogenated diamond 

surfaces, the hydrogen termination on the diamond (100) surface appears to be the most stable 

while that of the (110) the least thermally stable. Deuterium termination of diamond surfaces 

was found to be stable up to higher temperatures than a corresponding hydrogen termination. 

This was attributed to a higher thermal desorption temperature due to the increased mass 

relative to H. 
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IV. Electron Affinity and Schottky Barrier Height of Metal 
Diamond (100), (111) and (110) Interfaces 

Abstract 

The electron emission properties of metal diamond (100), (111) and (110) interfaces were 

characterized by means of UV photoemission spectroscopy (UPS) and field emission 

measurements. Different surface cleaning procedures including annealing plasma cleaning in 

ultra-high vacuum (UHV) and rf plasma treatments were used before metal deposition. This 

resulted in diamond surfaces terminated by oxygen, hydrogen or free of adsorbates. The 

electron affinity and Schottky barrier height of Zr or Co thin films were correlated by means of 

UPS. A NEA was observed for Zr on any diamond surface. Co on diamond resulted in NEA 

characteristics except for oxygen terminated surfaces. The lowest Schottky barrier heights were 

obtained for the clean diamond surfaces. Higher values were measured for H termination, and 

the highest values were obtained for O on diamond. For Zr the Schottky barrier height ranged 

from 0.70 eV for the clean - to 0.90 eV for the O terminated diamond (100) surface. Values for 

Co ranged from 0.35 eV to 1.40 eV for clean and O covered (100) surfaces, respectively. The 

metal induced NEA proved to be stable after exposure to air. For the oxygen terminated 

diamond (100) surface a field emission threshold of 79 Y/\im was measured. Zr or Co 

deposition resulted in lower thresholds. Values as low as 20 V/(im were observed for Zr on the 

clean diamond (100) surface. Results for Zr or Co on H - or O terminated surfaces were 

higher. H or O layers on diamond tend to cause an increase in the Schottky barrier height and 

the field emission threshold field of Zr- and Co-diamond interfaces. The value of the electron 

affinity and Schottky barrier were correlated with work function and different initial surface 

preparation. The results were largely consistent with a model in which the vacuum level was 

related to the metal workfunction and the measured Schottky barrier. 

A. Introduction 

Metal-diamond interfaces may be useful for potential applications in electronic devices 

based on diamond. These may include metallic surface coatings exhibiting a negative electron 

affinity (NEA) for use in cold cathode devices, or for more traditional electronic devices, 

carrier injecting or rectifying electrical contacts will be necessary. For these applications, a 

fundamental understanding of the Schottky barrier and the relationship to the vacuum level is 

necessary. 

Ultraviolet photoemission spectroscopy (UPS) can be used to measure Schottky barrier 

heights of rectifying contacts. The technique can even be employed for accurate measurements 

of contacts with high ideality factors, for which I-V measurements would be unsuitable. UPS 

is also very sensitive to determine whether a surface exhibits a NEA. Electrons from the 

valence band are photoexcited into states in the conduction band and some will quasi thermalize 
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to the conduction band minimum. Indeed, these secondary electrons can escape freely from a 

NEA surface. The spectra then exhibit a sharp feature at the low kinetic energy end of the 

photo-emitted electrons [1, 2]. By means of UPS the surface emission properties can be 

characterized independent of carrier injection and conduction mechanisms. 

Field emission measurements integrate the effects of injecting electrons into the 

semiconductor, transporting the carriers through the bulk and emission from the surface into 

vacuum. To facilitate these measurements a bias is applied between a metal anode and the 

sample. Then the emission current is detected. 

It has been reported that depositing a few Ä of metals like Ti, Ni, Cu, Co or Zr on diamond 

can to induce a NEA [3-8]. The presence of a NEA or positive electron affinity has been 

correlated with different structures of the metal - diamond interface. Indeed, metal-diamond 

interfaces exhibiting a NEA have been found to exhibit lower Schottky barrier heights than 

those exhibiting a positive electron affinity. 

The primary focus of this paper is on the relationship of the vacuum level to the diamond 

conduction band when thin metal layers are deposited on the surface of the diamond. The 

configuration may be modeled as two separate interfaces, namely the vacuum-metal and metal- 

diamond interface. For very thin metal layers, electrons could travel through the metal layer 

without scattering. Thus the Schottky barrier height of the metal-diamond interface plays a 

critical role in determining the relationship of the diamond conduction band and the vacuum 

level and whether the structure exhibits a NEA. 

A number of studies have dealt with Schottky barrier height measurements of metals 

deposited on (100) and (111) oriented diamond surfaces as well as polycrystalline diamond 

films [1, 5-16]. It has been found that the Schottky barrier height of metals on diamond is 

virtually independent of the workfunction of the metal. But it has been reported that the 

Schottky barrier height clearly depends on the surface treatment of the diamond before metal 

deposition. In general, cleaning the diamond surfaces chemically in air results in a higher value 

for the Schottky barrier height than cleaning in vacuum. For Cu it has also been observed that a 

reduction in the field emission threshold is correlated with a lowering in electron affinity [5]. 

Zirconium has been chosen since the material exhibits a low workfunction which may be 

useful for inducing a NEA. It is also in the same column of the periodic table as Ti, and the Ti 

diamond interface has been studied previously. Ti has been found to be reactive with C and O. 

Cobalt is next to nickel and copper in the periodic table. The workfunction of Co (5.0 eV) is 

higher than for Zr (4.05 eV) or Ti (4.33 eV) and comparable to Ni (5.04-5.35 eV) and Cu 

(4.48-4.65 eV). Another aspect that is important is that Co may be less reactive than Zr or Ti. 

Various approaches may be used to model metal - semiconductor interfaces. The Schottky- 

Mott model describes an ideal interface, assuming that the difference between the metal 
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workfunction and the electron affinity of the semiconductor does not change during interface 

formation. For a p-type semiconductor one can write: 

<DB = EG-(OM-X) 

(1) 
where <&B is the Schottky barrier height, EG is the band gap, <£M is the metal workfunction 

and % the electron affinity of the semiconductor. 

In many instances the Schottky-Mott model is not realized in practice. For instance, an 

insulating layer or an interface reaction may cause a high density of interface states in the 

semiconductor band gap. This may result in pinning of the Fermi level, and the Schottky 

barrier height is then independent of the metal workfunction. 

Thin metal films (less than the electron mean free path) can be thought of as a dipole layer 

on the semiconductor surface. For such a structure to exhibit a NEA the conduction band 

minimum has to lie above the vacuum level. Adsorbates or states on the semiconductor surface 

prior to metal deposition as well as the metal itself may have an impact on whether the metal- 

semiconductor interface exhibits a NEA or a positive electron affinity. 

In this study, results are described for thin Zr or Co films deposited on diamond (100), 

(111) and (110) surfaces. Prior to metal deposition different in vacuo cleaning procedures were 

employed to obtain clean, hydrogen terminated or oxygen terminated diamond surfaces. 

Subsequent to Zr or Co deposition the effects of the different surface treatments on the Zr - or 

Co-diamond interface were examined. In particular the results of UV photoemission and field 

electron emission were correlated. The results were compared to previous reports on the 

properties of thin metal layers on diamond. 

B. Experimental Details 

Several natural type lib p-type (boron doped) semiconducting single crystal diamond 

(100), (111) and (110) crystals (3.0 x 3.0 x 0.25 mm) were employed in this study. Typical 

resistivities were 104 Q-cm. To remove non diamond carbon and metal contaminants an 

electrochemical etch has been employed [19]. This cleaning step involved placing the diamond 

samples between two Pt electrodes in deionized (Dl) water as an electrolyte. A DC voltage of 

350 V was applied between the electrodes. A typical value for the current was 0.5 mA. The 

crystals were then exposed to UV/ozone and rinsed in a HF solution to clean the surface from 

SiOz contaminants. It has previously been reported that SiOz was present on the surface after 

an electrochemical etch [20]. Small amounts of these contaminants may be released into the 

water from the ion exchanger matrix. Subsequent to the wet chemical cleaning step the samples 

were blown dry with N2, mounted on a Mo holder and then transferred into the loadlock of the 

UHV system. This UHV system consists of several interconnected chambers including 

capabilities for annealing, H plasma cleaning, metal deposition, angle-resolved ultraviolet 
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photoemission spectroscopy (ARUPS), Auger electron spectroscopy (AES) and low energy 

electron diffraction (LEED). 

Three different in vacuo cleaning procedures were employed to assess the influence of 

surface preparation on the properties of the metal - diamond interfaces. One procedure involved 

annealing the samples to 500°C for 10 minutes while another included a 1150°C anneal for 

10 minutes. An optical pyrometer was used to measure the temperature of the Mo holder on 

which the samples were mounted. During the anneals the pressure increased to 8xl0-10 Torr 

and 7xl0-9 Torr, respectively. The third surface cleaning procedure consisted of an exposure 

to a remotely excited rf H-plasma. The plasma cleaning chamber has been described in an 

earlier report [21]. Using a remote plasma results in significantly lower electron and ion 

densities at the surface of the sample. This reduces the possibility of damaging the surface. 

Atomic force microscopy (AFM) was employed to characterize the morphology of the diamond 

samples. Linear groves of ~ 20 Ä in depth were detected on the diamond substrates. These are 

attributed to the polishing process with 0.1 |im diamond grit. 

The photoemission spectra were excited by Hel (21.21 eV) radiation. A 50 mm VSW 

HAC50 hemispherical analyzer was employed to measure the emitted electrons. In this study 

the energy resolution was 0.15 eV and the acceptance angle was 2°. To overcome the 

workfunction of the analyzer a bias of 2 V was applied to the sample. It was therefore possible 

to detect the low energy electrons emitted from the NEA surface. These electrons appear as a 

sharp peak at the low energy end of UPS spectra. The position of this feature corresponds to 

the energy position of the conduction band minimum, Ec (Fig. 1). Electrons emitted from Ec 

appear at Ev + EG in the spectra, where Ev is the energy of the valence band maximum and 

EG the band gap energy. Electrons from Ev get photoexcited to an energy level at Ev + hv in 

the conduction band and are then detected at Ev + hv in the UPS spectra. This corresponds to 

the high kinetic energy end of the spectra. Therefore the spectral width for a NEA surface is 

hv - EG. Using the value of hv = 21.21 eV for Hel radiation and EG = 5.47 eV for the band 

gap of diamond, a spectral width of ~ 15.7 eV is obtained. For a surface with a positive 

electron affinity the low energy cutoff is determined by the vacuum level and will therefore be 

shifted to higher energies in the spectra compared to the case of a NEA surface. This results in 

a smaller value for the spectral width. 

Photoemission spectra can also be used to determine the Schottky barrier height <E>B. For 

p-type semiconductors like diamond, <I>B corresponds to the difference between the position of 

the valence band edge, Ev, of the semiconductor and the Fermi level of the metal, EF 

(Fig. 2). Since features from both the semiconductor and the metal need to be visible this 

method is only suitable for metal films with thicknesses equal to or less than the electron mean 

free path (< 5 Ä). The relatively weak onset of emission at Ev may, however, be obscured by 
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Low Ene rgy En d 
of Spectrum 

High Energy End 
of Spectrun 

Eva. for Positive Electron Affinity 

Evx for Negative Electron Affinity 

Figure 1. Schematic diagram of photoemission spectra for a negative electron affinity 
surface (dotted line) and a positive electron affinity surface (solid line). 

Emission from 
the copper 

Electron energy 

Figure 2. Schematic diagram of photoemission spectra for copper deposited on diamond. 
The Schottky barrier height <t>B is determined from the difference between the 
position of the valence band edge of diamond Ey and the metal Fermi level Ep. 
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the metal Fermi level even for metal layers thinner than the mean free path. As an independent 

method Ev can be referenced to some strong features in the diamond spectrum before metal 

deposition. These features can still be detected following the overgrowth of a thin metal layer. 

Here we have chosen a peak positioned 8.3 eV below Ev. In case of a NEA the position of the 

low energy turnon (which corresponds to Ec) can also be used as a reference point to find Ev 

(which is the high energy turnon of the spectrum). The distance between Ec and Ev has to be 

hv - EG (Fig. 2). A change in band bending (e.g. due to metal deposition) can be detected as a 

shift of the spectrum with respect to the Fermi level. Again since the position of Ev may be 

difficult to discern such a shift can be detected from the position of bulk features in the spectra. 

The UPS spectra of wide band gap semiconductors may be shifted due to photovoltaic 

effects [22]. A recent study showed such shifts for diamond (111) surfaces [23]. However, 

these shifts are uniform for the entire spectrum. This means that the relative distance between 

the Fermi level and the valence band maximum will not change. A separate vacuum chamber 

with a base pressure of ~ 2xl0~8 Torr was used to carry out the field emission measurements. 

To determine the I-V characteristics a bias of 0-1100V was applied between the sample and a 

2 mm diameter stainless steel anode with a rounded tip. The I-V measurements were conducted 

with a Keithley 237 source measure unit. The distance between the sample and the anode could 

be varied in vacuum by means of a stepper motor. The distances ranged from 2 to 30 |im. The 

mechanism of electron emission by field emission is more complex than by photoemission 

spectroscopy. With photoemission only the emission properties of the surface are 

characterized. The samples only need to be sufficiently electrically conducting to avoid 

charging due to electron emission. For field emission, injection of electrons from an electrical 

contact into the semiconductor, transport of the electrons through the bulk to the emitting 

surface and the emission from the surface into vacuum contribute to the overall emission 

properties. 

An e-beam evaporator has been employed to deposit Co or Zr films of 1, 2, 3, 6, 10 Ä 

thickness onto the diamond (100), (111) and (110) surfaces. Before deposition the metal 

sources were melted to clean surface contaminants from the source material. The thickness was 

monitored by a quartz crystal oscillator. The growth rate was 0.1 Ä/s up to 3 Ä in thickness 

and 0.3 Ä/s for 6 and 10 Ä in thickness. The deposition was done at room temperature. The 

base pressure in the chamber was lxlO-10 Torr and the pressure rose to 5xl0~9 Torr during 

deposition. The samples were characterized before and after metal deposition using angle- 

resolved ultraviolet photoemission spectroscopy (ARUPS), Auger electron spectroscopy 

(AES), low energy electron diffraction (LEED) and atomic force microscopy (AFM). The UPS 

measurements were also repeated following air exposure of the metallized diamond samples. 

This was done to examine whether the NEA characteristics were stable in air. Such an air 

stability would be of technological interest. 
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The presence of a zirconium or cobalt layer was confirmed by AES. AFM images of the 

diamond wafers used in this study clearly showed arrays of linear groves parallel to each other. 

Typical depths of about 20 Ä were observed for these grooves. This surface structure is due to 

the commercial surface polishing of the diamond samples. For metal thicknesses of 1Ä and 2Ä, 

the Zr layers replicated the surface morphology of the underlying diamond substrates as 

observed by AFM. For thicker layers nonuniform growth was detected. Similar characteristics 

were observed for Co. 

C. Results 

Diamond Surfaces. We first consider the properties of the diamond (100), (111) and (110) 

surfaces before Co or Zr deposition. Diamond (100) samples annealed to 500°C exhibited a 

lxl LEED pattern and an AES oxygen feature. An 1150°C anneal or a H plasma exposure 

resulted in 2x1 reconstructed surfaces and the removal of oxygen according to AES. As 

evidenced by UPS spectra the surfaces annealed to 500°C and 1150°C showed a positive 

electron affinity of 1.45 eV and 0.75 eV, respectively. A NEA was induced by the H plasma 

clean. 

For diamond (111) surfaces annealing to 1150°C or exposure to a H plasma resulted in a 

2x1 LEED pattern and caused the amount of surface oxygen contaminants to drop below the 

detection limit of the AES system. By means of UPS a positive electron affinity around 

0.55 eV was measured for the 1150°C anneal and a NEA was determined for the H plasma 

clean. 

A 700°C anneal or a H plasma removed the oxygen from the diamond (110) surfaces 

according to AES, and NEA characteristics as evidenced by UPS. Subsequent to a 1150°C 

anneal the NEA was removed and a positive electron affinity of 0.55 eV was determined. 

Another H plasma clean resulted in a NEA again. 

Furthermore emission below the conduction band minimum was observed for (100), (111) 

and (110) surfaces following a H plasma treatment. 

All these results are consistent with previous studies on surface cleaning and UPS 

measurements of diamond (100), (111) and (110) surfaces [1, 2, 24-27]. In particular, the 

effect of emission below the conduction band minimum for H terminated surfaces has been 

discussed in a recent report [27]. 

Zirconium on Diamond. The deposition of 1Ä of Zr onto clean diamond (100) surfaces 

resulted in an increase in the width of the photoemission spectrum consistent with a NEA. The 

energy between the bulk feature from the diamond (labeled B) and the valence band maximum 

did not change subsequent to 1Ä of Zr deposition (Fig. 3a). This energy is expected to remain 

constant for thicker Zr layers. Feature B is used as a point of reference to determine whether 

there is a shift in the spectra after metal deposition or other processing. This shift is indicative 
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of a change in Fermi level pinning in the gap. Thicker layers of Zr up to 10 Ä still resulted in a 

NEA, however the intensity of the spectrum was reduced. A Schottky barrier height of 

£>B = 0.70 eV was determined from the UPS spectra. This value stayed constant for the 

different thicknesses of the Zr films. The Fermi level pinning did not change with increasing 

thickness of the Zr layer. Also the bulk features of diamond became less intense with increased 

Zr coverage. 

Zr deposition on H and O terminated (100) surfaces resulted in NEA characteristics, too 

(Fig. 3b and c). Schottky barrier heights of OB = 0.75 eV and OB = 0.90 eV were measured, 

respectively. 

Subsequent to depositing Zr onto clean (111) surfaces a Schottky barrier height of 

<&B = 0.85 eV and a NEA were measured (Fig. 3d). These characteristics did not change for 

increasing Zr thickness. 

A NEA was still observed after growing Zr on the H terminated (111) surface, even for a 

10Ä thick film. A Schottky barrier height of <X>B = 0.95 eV and a shift in the spectra of 0.6 eV 

were measured upon Zr deposition. 

Corresponding to (100) and (111) surfaces a NEA was observed following Zr deposition 

on both the clean and H terminated (110) surfaces. A Schottky barrier height of <&B = 0.70 eV 

was determined for both the clean and H covered surface. The low energy edge of the spectra 

extended to below the conduction band minimum. 

In several cases an additional feature was observed at the low energy end of the spectrum, 

especially for 6 and 10 Ä thick films. This peak may be attributed to emission from Zr. For Zr 

on the O terminated (100) and clean (111) surface the emission extended to 0.5 eV and 0.6 eV 

below the conduction band minimum, respectively. For several cases (see Fig. 3b for example) 

the emission below the conduction band minimum due to the NEA effect was so strong that it 

could not be determined whether there was also low energy emission due to the Zr or not. 

All these results have been summarized in Table 1. After exposing the samples of Zr on 

clean, H and O terminated diamond surfaces to air the width of the UPS spectra still 

corresponded to a NEA. However the intensity of the spectra was reduced. Such a reduction in 

intensity may be consistent with the presence of physi-adsorbed species. These are expected to 

be on the surface due to the air exposure. Indeed the presence of oxygen was detected by 

means of AES subsequent to air exposure. Overall the NEA characteristics proved to be stable 

following air exposure. 

Cobalt on Diamond. A NEA and Schottky barrier heights of 4>B = 0.35 eV and 

<£B = 0.45 eV were detected for Co on clean and H covered diamond (100) surfaces, 

respectively. However a positive electron affinity of % = 0.80 eV, and a Schottky barrier of 

<I>B = 1.40 eV were measured for Co on the oxygen terminated (100) surface. 
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Figure 3a. UV photoemission spectra of Zr on a clean diamond (100) surface. The 
diamond surface exhibits a positive electron affinity before Zr deposition. 
Subsequent to Zr deposition, the width of the spectrum increases and a NEA is 
detected. Emission below Ec is observed. After air exposure, the NEA is still 
observed. 
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Figure 3b. UV photoemission spectra of Zr on a hydrogen terminated diamond (100) 
surface. The diamond surface exhibits a NEA before Zr deposition. Also, 
emission below Ec is detected. Following Zr deposition, the NEA is still 
observed, however the emission below Ec gets reduced with increasing 
thickness of Zr. After air exposure, the NEA is still detected. 
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Figure 3c. UV photoemission spectra of Zr on an O terminated diamond (100) surface. 
The diamond surface exhibits a positive electron affinity before Zr deposition. 
Subsequent to Ar deposition, the width of the spectrum increases and a NEA is 
still detected. 

40 



en 
•■* 
O a 

u 

«s 

a 
0) 

a 

s 

T—i—i—I—I—i—i—r 

Ec C(lll) 

EcZr 

10A Zr 

Air 

-I I I L. _i_L _j i i i i i i i_ 

■20 -15 10 -5 0 

Energy below Fermi Level (eV) 
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Subsequent to Zr deposition, the width of the spectrum increases and a NEA is 
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Similar to the (100) surface NEA characteristics were observed for Co on clean as well as 

H terminated (111) and (110) surfaces. Schottky barrier heights between OB = 0.40 eV and 

0.50 eV were measured. In Figure 4 UPS spectra of Co on a H terminated (110) surface are 

shown as an example. The details of the measurements are listed in Table 2. Also the NEA of 

the Co - diamond interfaces proved to be stable following air exposure. 

Field Emission Results. Field emission measurements were performed on diamond (100) 

samples as well as on 2Ä and 10Ä thick Zr or Co films deposited on clean, hydrogen or 

oxygen terminated diamond (100) surfaces. The measurements were used to determine the 

applied voltage per |nm where detectable emission was observed. The voltage per |j.m is 

sometimes termed the average field. Since the measured current-voltage curves did not exhibit 

an absolute threshold it was necessary to define the emission threshold voltage per pm for a 

specific current and in this study a value of 0.1 |iA was employed. The I-V data for Zr on the O 

terminated diamond surface are shown in Fig. 5. The average field emission threshold field 

was calculated from the values for different distances. 

The results and the standard deviations for the different surface terminations are 

summarized in Table 3. Average threshold fields between 20 and 79 V/|im were measured for 

the different surface preparations. The highest value of 79 V/(im was determined for the 

diamond surface. In general, the threshold field was reduced for Zr or Co deposition. For both 

Zr and Co deposition the lowest threshold has been obtained for the clean surface, and here 

average filed values of 20 V/(im and 30 V/|im have been determined for Zr and Co 

respectively. The next highest values of 23 V/|im for Zr and 39 V/^m for Co were measured 

on the hydrogen terminated surface. The clean and H terminated surfaces also exhibited a NEA 

as determined from UPS spectra. Higher threshold average field values were obtained for the 

Co and Zr on the oxygen terminated diamond. A value of 49 V/|im was determined for Zr on 

the oxygenated surface, and this surface still exhibited a NEA. The Co on the oxygen 

terminated surface resulted in the highest average field value of 52 V/(im for the different metal- 

diamond interfaces studied here. This surface exhibited a positive electron affinity. 

The general trend of the results is that the threshold value decreased with decreasing 

electron affinity. The surfaces exhibiting a NEA also exhibited a lower field emission threshold 

than those with a positive electron affinity. Since the actual value of the electron affinity cannot 

be determined by UPS for a NEA one could correlate the threshold with the Schottky barrier 

height of the Zr diamond or Co-diamond interfaces. The threshold does decrease with 

declining values of the Schottky barrier height for both Zr and Co. 

The values for the field emission threshold reported here are of the same order of 

magnitude as previously reported for diamond samples [28-30]. The data from the field 

emission measurements have been fitted to the Fowler-Nordheim equation [31]: 
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Figure 4. UV photoemission spectra of Co on a H terminated diamond (110) surface. The 
diamond surface exhibits a NEA before Zr deposition. Also, emission below Ec 
is detected. Following Zr deposition the NEA is still observed, however, the 
emission below Ec gets reduced with increasing thickness of Zr. 
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Figure 5. Field emission current-voltage curves for Zr on a oxygen terminated type lib 
single crystal diamond (100) sample. Distances between the sample and the 
anode: a) 5.7 urn, b) 9.7 um, c) 12.4 |im, d) 17.2 |im. 

I = kfßvTexpf^^Ül 
ßV 

(2) 

In this equation I is the current in amps, V is the bias in volts, d is the distance between the 

sample and the anode in pn, k is a constant, q> is the effective barrier height in eV and ß is the 

field enhancement factor. For perfectly flat surfaces ß is equal to 1 and can be neglected. It 

should be noted that different surface terminations could lead to changes in the actual 

workfunction and therefore give the appearance of different ß values. In our case the RMS 

roughness of the diamond surfaces as well as the metal films on diamond was of the order of a 

few Ä. We therefore do not expect the surface roughness to have a significant impact on the 

field electron measurements. Based on this consideration a value of 1 has been assumed for ß. 

The effective barrier heights (p were obtained by fitting the field emission data to equation (3). 

Figure 6 shows this fitting of the field emission data for Zr on the clean surface. The fitted 

graphs exhibit different slopes corresponding to different distances between the anode and the 

sample. They resulted in about the same value for the effective barrier height. The values and 

the standard deviations are listed in Table 3. 

D. Discussion 

It was found that the Schottky barrier height of Zr on H terminated surfaces was about the 

same or only 0.1 eV higher than for Zr on clean surfaces of the same orientation. In addition, 

46 



Figure 6. Field emission current-voltage curves (for Zr on a oxygen terminated type lib 
single crystal diamond (100) sample) to Fowler-Nordheim equation. Distances 
between the sample and the anode: a) 5.7 pm, b) 9.7 pm, c) 12.4 |im, d) 17.2 
p.m. 

the Schottky barrier height for Zr on the oxygenated (100) surface is only 0.2 eV larger than 

for the clean (100) surface. For Co on diamond the differences in Schottky barrier height for 

the H covered and clean surfaces are comparable to Zr. In contrast, for Co on the oxygen 

terminated (100) surface the Schottky barrier height was found to be larger by 1.05 eV than for 

the Co on the clean (100) surface. 

The basic assumption in this study has been that it is necessary to consider both the metal- 

vacuum and metal-semiconductor interfaces to characterize the photoemission properties. With 

this in mind, the equation below gives an expression for the effective electron affinity for a thin 

metal overlayer on a semiconductor. The equation is a function of both the metal workfunction 

and the Schottky barrier height for the metal on the p-type semiconductor [32]. It is specific for 

photoemission of thin metal layers (less than the electron mean free path) on semiconductors: 

Xeff=(<I>M+^B)-EG (3) 

With the band gap of diamond EG = 5.47 eV, the workfunction of Zr, <3>M = 4.05 eV or of 

Co, OM = 5.00 eV and the measured Schottky barrier height, the effective electron affinity can 

be calculated using Eq. 3. The results are listed for Zr in Table 1 and for Co in Table 2. In 

comparing with the photoemission measurements, the deduced effective electron affinity are 

consistent with the photoemission measurements. An NEA was observed for Zr on the clean, 
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Table 3. Results of electron emission measurements. PEA: positive electron affinity, NEA: 
negative electron affinity. The averages and standard deviations of the field emission 
measurements at different distances are shown as the field emission threshold and the barrier 
height The threshold current is 0.1 pA. 

Sample UPS Field Emission Barrier Height 
Threshold (V/pm)     (eV) 

C(100) after 500°C anneal 
PEA, %=1.4eV 

79 ±7 0.23 ± 0.01 

Zr/C(100) 
clean 

Zr/C(100) 
hydrogen 

Zr/C(100) 
oxygen 

NEA, x<0, OB = 0.70eV 

NEA, x<0, OB = 0.75eV 

NEA, x<0, OB = 0.90eV 

20 ±3 

23 ± 3 

49 ±4 

0.09 ± 0.01 

0.11 ±0.01 

0.20 ± 0.01 

Co/C(100) 
clean 

Co/C(100) 
hydrogen 

Co/C(100) 
oxygen 

NEA, x<0, <DB = 0.35eV 

NEA, %<0, OB = 0.45eV 

PEA, i = 0.75 eV, <DB = 1.40 eV 

30 ±3 

39 ±4 

52 + 4 

0.11 ±0.01 

0.16 ± 0.02 

0.20 ± 0.02 

H, and O terminated diamond surfaces as well as detecting a NEA for Co on clean and 

hydrogenated diamond surfaces and a positive electron affinity for the O terminated surface. 

Other effects may contribute to the observations. For instance, it has been reported that 

carbon contamination can lower the workfunction of Ni [33]. The first layer of Ni deposited on 

diamond may have a different workfunction due to an interface reaction or inter-diffusion. This 

effect may also occur for Zr or Co on diamond. But such an effect could only lead to a stronger 

NEA for Zr on diamond and Co on the clean and H terminated diamond surfaces and would be 

consistent with our results. For Co on the oxygen terminated surface the measured and 

calculated values for the electron affinity are consistent with each other. Thus at least for the 

latter case this effect is not expected to be significant. Since all of the Zr-diamond interfaces 

investigated in our study exhibit a NEA we can not determine if such an effect could play a 

significant role for Zr. But one effect may give some clues on this issue: For Zr on the O 

terminated (100) and clean (111) surface emission is observed below the conduction band 
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extends to 0.5 eV and 0.6 eV below the conduction band minimum, respectively. These values 

are comparable to the calculated effective electron affinity % of 0.5 eV for Zr on an oxygenated 

(100) and 0.55 eV for Zr on a clean (111) surface. From these considerations the workfunction 

of Zr does not appear to be changed. 

From results here and previously, Eq. 3 has been used successfully to describe 

photoemission of Ti, Ni, Co, Cu and Zr deposited on diamond [3-6]. In these studies it has 

been found that the Schottky barrier height for clean surfaces was lower than for surfaces 

terminated by hydrogen or oxygen. Indeed, metal-diamond interfaces exhibiting a NEA have a 

lower Schottky barrier height than those exhibiting a positive electron affinity. The band 

schematic of the metal-diamond interface is shown in Fig. 7a). In Fig. 7a) the Schottky barrier 

height is sufficiently small to result in a NEA. Fig. 7b) shows the case for a larger Schottky 

barrier and a positive electron affinity. Surface preparation apparently has a significant impact 

on the properties of the interface subsequent to metal deposition [3-6]. 

There have been several recent theoretical studies of Schottky barriers on diamond. Studies 

by Erwin and Pickett [34-37] and Pickett, Pederson and Erwin [38] described two 

configurations with very similar values for the formation energy for Ni on clean (111) 

surfaces. One resulted in a Schottky barrier height of less than 0.1 eV, the other of 0.8 eV. 

Experimental results measured the Schottky barrier height to be 0.5 eV which is between the 

two calculated values [4]. It was suggested that both configurations exist on the surface 

resulting in the observed intermediate value. Considering copper on diamond (111) surfaces, 

Lambrecht [39] calculated a value for the Schottky barrier height of less than 0.1 eV for clean 

surfaces and greater than 1.0 eV for hydrogen terminated surfaces. Copper-diamond interfaces 

have been investigated previously by UPS [5]. The Schottky barrier heights were the lowest 

for clean surfaces and the highest for oxygen terminated surfaces. The values for H termination 

fell in-between. Furthermore, for thin Cu overlayers a NEA has been found for Cu on clean or 

H terminated diamond (100), (111) and (110) surfaces while a positive electron affinity was 

found for Cu on oxygenated diamond surfaces. 

According to these results the surface termination prior to metal deposition appears to be 

have a significant effect on the Schottky barrier height. For metals deposited on clean surfaces 

lower values for the Schottky barrier height and a greater likelihood of inducing a NEA are 

expected than for metals on non adsorbate free surfaces. The Schottky barrier heights reported 

in our study for Zr and Co on diamond are consistent with this. Also the results of Ti, Ni or Cu 

on diamond [3-5] follow this pattern. In Fig. 8 the measured Schottky barrier heights of the 

different metal-diamond interfaces are plotted vs. the metal workfunction for Zr, Ti, Cu, Co 

and Ni. The data are experimental results from this study for Zr and Co as well as from 

previous publications for Ti, Cu and Ni [3-5]. Apparently the Schottky barrier height for Zr on 
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Figure 7. Band diagrams of the metal-diamond interface, (a) The sum of the Schottky 
barrier height and work function for metal on diamond is greater than the band 
gap of diamond resulting in a positive electron affinity (For Co on the oxygen 
terminated surface), (b) The Schottky barrier height added to the metal work 
function is less than the diamond band gap. This corresponds to a NEA. (Zr on 
clean, H and O terminated surfaces. Co on clean and H terminated surfaces. 

diamond does not depend on the surface termination of the diamond substrate as strongly as is 

the case for Co, Cu or Ni. 

The variations in the Schottky barrier for the different surface preparations may be due the 

reactivities of the metal layers with the diamond or the surface adsorbate. Zr, like Ti does react 

with C. In a prior study it was found that if a 30 Ä thick Ti layer was annealed to >400°C, a 

reaction with diamond was observed [3]. This reaction was not evident at room temperature, 

but it is likely that the reaction could affect the first few monolayers for Zr or Ti on diamond. In 

our experiments Zr may have also reacted with the oxygen from the oxygen terminated surface. 

In contrast, Co, Cu or Ni do not react as readily with C or O. Thus for the metal-diamond 
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Diagram of the Schottky barrier height vs. metal workfunction for Ti, Zr, Cu, 
Co and Ni. The dashed line represents the limit for which a NEA is expected for 
metal-diamond interfaces according to Eq. (3). Thus, a NEA is expected for 
data points below this dashed line and a positive electron affinity for those 
above. The experimental data for Ti, Zr. Cu, Co and Ni are plotted. The filled 
markers correspond to an experimentally observed NEA and the empty markers 
indicate an experimentally observed positive electron affinity (labeled PEA in 
the figure). 

interface structure for Co, Cu or Ni on the clean diamond surfaces is different than for the 

oxygen terminated surfaces. Consider now the Schottky barrier heights for a metal on H 

terminated diamond surfaces compared to clean surfaces. While relatively smaller differences 

were observed, the Schottky barrier changes were significant for Cu or Ni. Hardly any 

changes were detected for Zr, and the results for Co fall between the cases of Cu or Ni on the 

one hand and Zr on the other. Values for the Schottky barrier height of Ti on a H terminated 

surface were not available. But these values may be expected to be similar to the case of Ti on a 

clean surface due to the high reactivity of Ti. The overall trend seems to be that Zr and Ti will 

displace both oxygen and hydrogen, Co will displace hydrogen but not oxygen and both O and 

H will be present at the interface of Cu and Ni. 

The dashed line in Fig. 8 represents the limiting value of the Schottky barrier for which a 

NEA is expected for metal-diamond interfaces according to Eq. 3. Thus a NEA is expected for 

data points below this dashed line and a positive electron affinity for those above. As evident 

from Fig. 8, the experimental results for the electron affinity agree with this model except for 

Ni. For this case an NEA has been observed for Ni on the clean diamond surface while a 

positive electron affinity would be expected for the measured Schottky barrier value of 0.5 eV. 

As discussed above the measured NEA may be indicative of the presence of two configurations 

51 



of Ni on the surface with Schottky barrier heights of 0.1 eV and 0.8 eV, respectively. The 

model would predict that the regions with a Schottky barrier of 0.1 eV would exhibit a NEA 

while the other regions would exhibit a positive electron affinity. 

For Ti on diamond it has been found earlier that the intensity of the metal induced NEA 

peak in the photoemission spectrum was significantly reduced once the uniform metal film 

reached several Ä in thickness. In particular the intensity was reduced by about 50% for an 

increase in the thickness of the Ti layer from 2Ä to 3Ä [3]. Only electrons from within a few 

scattering lengths of the surface will be emitted into vacuum and then be detected. In our study 

we have measured an emission reduction of -10% for an increase in the Zr thickness from 2Ä 

to 3Ä. We have also observed nonuniform metal layers by AFM. This is consistent with a 

NEA peak still being more pronounced for thicker Zr or Co films than for the case of uniform 

Ti layers. 
It is significant that the Zr or Co on diamond samples that exhibited a NEA retained this 

characteristic after air exposure. The air stability may be important for the development of cold 

cathode devices required to be stable in a technical vacuum. It has been reported that Ti as well 

as titanium oxide on diamond exhibit a NEA [40]. Zr has properties similar to Ti, and this may 

be indicative that Zr as well as zirconium oxide on diamond could exhibit a NEA. Similar 

stability to air exposure has been reported previously for Cu on diamond [5]. In this case it 

may be the reduced reactivity of Cu with O that results in the observation. 

The field emission data indicate that depositing Zr or Co on clean, H and O terminated 

(100) surfaces leads to a lower field emission threshold than the oxygen terminated surfaces. 

The lowest values reported here were obtained for metal on clean diamond surfaces with 

20 V/|im for Zr and 30 V/p.m for Co, respectively. The field electron emission process is more 

complicated than photoemission because the process includes contributions from electron 

injection at the back interface, conduction through the bulk, and finally emission into vacuum. 

The last step could be the same for both photo- and field emission. Because of the added 

complexity, it is often difficult to attribute changes in the effective barrier height to specific 

differences in the samples. While field emission is often described by the Fowler-Nordheim 

expression, it should be noted that this expression was derived for emission from metal 

surfaces, assuming no field inside the bulk of the material. An equation for microscopic 

dielectric regions has been proposed [41], but this approach would not be a reasonable model 

for our case with a diamond substrate thickness of 0.25 mm. 

The experiments presented here were on similarly prepared natural diamond surfaces with a 

low surface roughness particularly as compared to diamond films. The roughness of the 

surfaces before and after metal deposition was comparable and of the order of a few Ä. The 

field enhancement factor, ß, may not be expected to be significantly different for the various 

surfaces considered. 
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Simultaneous field emission and photoemission measurements from a (111) lxl:H p-type 

natural diamond surface were reported by Bandis and Pate [42]. From these experiments it was 

found that the field emitted electrons originated from the valance band maximum. In contrast 

the photoemission process involved emission from the conduction band. 

For a surface in which the vacuum level aligns in the band gap of the semiconductor (i.e. a 

NEA), electrons at the conduction band minimum can be freely emitted. In contrast, electrons 

emitted from the valence band edge would still have to overcome a significant energy barrier 

even for this NEA surface. Theoretical calculations have indicated that the electron affinity for 

some H-terminated diamond surfaces can be as low as -3.4 eV [43]. A NEA would then result 

in a reduced barrier at the surface even for valence band emission. For instance, we have found 

in this study a reduction of the electron affinity from +1.45 eV for the oxygenated diamond 

surface to +0.80 eV for Co on oxygen terminated diamond, and a corresponding reduction in 

the field emission threshold from 79 V/(im to 52 V/|im. An even lower value for the field 

emission threshold has been found for Co on the clean surface. The smallest value of 20 V/(im 

for the threshold has been determined for Zr on the clean surface. The NEA should also be the 

most negative for this case. In these studies, it appears that a decrease in the field emission 

threshold is correlated with a reduction of the electron affinity. The threshold values for each of 

the metals studied (Zr, Co, Cu [5]) decrease from oxygen to hydrogen terminated to clean 

surface. While affects due to the interface and transport through the bulk may be important in 

some instances, the results presented here suggest that the field emission from p-type diamond 

is most strongly affected by the surface preparation. 

E. Conclusions 

In this study, the Zr-diamond and Co-diamond (100), (111) and (110) interfaces were 

analyzed with UPS and field emission measurements. The metals were deposited on clean 

diamond surfaces as well as diamond terminated with oxygen or hydrogen. The results 

examined and correlated the Schottky barrier, the effective electron affinity and the field 

emission threshold. 

The Schottky barrier value was found to depend on surface termination. The results were 

compared with previous studies on metal diamond interfaces. A general trend was that the 

barrier was greatest for metals on oxygen terminated surfaces and lowest on the clean surfaces. 

The Schottky barrier values for metal on H terminated surfaces were similar to or slightly 

higher than those from the clean surface. The Schottky barrier heights of Zr diamond interfaces 

were much less dependent on the surface termination before deposition than was the case for 

Co. We suggest that this is due to the higher reactivity of Zr which will displace either O or H 

from the interface. 
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The electron affinity was found to depend on both the metal and diamond surface 

preparation. NEA characteristics were observed for all metal-diamond interfaces except for Co 

on oxygen terminated diamond. The NEA was stable following air exposure which may prove 

to be a technologically relevant aspect. The effective electron affinity for a thin metal layer on 

the diamond was modeled in terms of two interfaces: the vacuum-metal and the metal-diamond. 

In this model a lower Schottky barrier height would result in a lower effective electron affinity, 

and this is consistent with the experimental results. 

Metal deposition on the diamond resulted in a decrease in the field emission threshold as 

compared to the oxygen terminated diamond surface. The results of the field emission 

threshold and electron affinity showed a similar trend in which the field emission threshold 

decreased as the electron affinity decreased. The results showed that the emission threshold 

was dependent on the surface conditions. 
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Abstract - Metal/AlN/n-type 6H-SiC (0001) (MIS) heterostructures have been prepared by 
epitaxially growing wurtzite A1N layers on both vicinal and on-axis 6H-SiC (0001) 
substrates using gas-source molecular beam epitaxy. The capacitance-voltage 
characteristics obtained for these MIS heterostructures are found to depend strongly on 
temperature in the range from 200 to 573 K, and to exhibit hysteresis effects consistent with 
the presence of slow interface traps. The amount of hysteresis is found to increase with 
decreasing temperature. This can be explained in terms of the shift of the Fermi level closer 
to the semiconductor conduction band with decreasing temperature, causing the emission 
rate of the trapped charge to be less dependent on temperature. Cross-sectional high- 
resolution transmission electron microscopy results show that the interface formed on the 
vicinal 6H-SiC (0001) substrate contains a higher density of defects than thai on the on-axis 
substrate. However, these two interfaces are found to have a similar density of trapped 
negative charge of 3 x 1011 cm-2 at room temperature, which decreases with increasing 
temperature. These results indicate that the interface between AIN and Si-terminated 
6H-SiC (0001) is of a high quality suitable for device application. 

I. Introduction 

Recently, there has been increasing interest in the electrical properties of silicon carbide 
(SiC) metal-oxide-semiconductor (MOS) structures because of their applications in high-power 
and high-temperature devicesfl]. The fabrication of these structures is made possible, in part, by 
the fact that SiC is unusual among wide band gap semiconductors in that it can be thermally 
oxidized to form silicon oxide (SiC<2) layers with relatively low oxide charge and interface state 
densities[2]. However, several authors[3]-[5] have reported electrical instabilities in the 
SiC»2/SiC system. Furthermore, the transconductances of SiC MOS field-effect transistors 
(MOSFETs) are presently limited by the carrier surface mobility which is degraded by surface 
roughness and charged interface states[l]. The problems associated with thermally grown oxides, 
however, may be alleviated by the use of deposited dielectrics[6]. Because of its wide band gap 
(6.2 eV at 300 K) and low dielectric constant (eo = 8.5)[7], aluminum nitride (AIN) represents an 
attractive alternative to oxides as a dielectric for SiC-based devices. In addition, AIN normally 
forms in the hexagonal wurtzite structure and is rather closely lattice-matched to SiC allowing the 
growth of high-quality epitaxial layers[8]. 

It has been theoretically shown that for the nonpolar (110) interface between cubic AIN 
and cubic SiC, the energetically favorable bonding configuration is Si-N and Al-C which 
corresponds to cation-anion bonding across the interface^]. It has also been shown that for this 
bonding configuration, no interface localized states occur in the main band gap, and that dangling 
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bonds existing at the SiC (110) surface are almost completely healed at the interface[9]. On the 
other hand, for nonisovalent systems such as AIN/SiC, abrupt polar interfaces would be 
characterized by the occurrence of either oversaturated or undersaturated bonds. It is well 
known[10] from semiconductor interface studies of similar nonisovalent systems (e.g., Ge/GaAs), 
that this situation would place the system in an unstable state. This has led to the suggestion that 
atomic intermixing occurs at the interface in such a way as to compensate IH-IV and IV-V bonds, 
thereby avoiding the occurrence of strong electric fields in the system[l 1]. In fact, Ourmazd et 
al.[12] showed that atomic intermixing even exists for isovalent systems such as AlxGai-x 

As/GaAs and depends strongly on the growth temperature. From results of high-resolution 
transmission electron microscopy (HRTEM) studies, Ponce et al.[13] concluded that the most 
favorable atomic arrangements at the abrupt polar interface between A1N and (0001) Si- 
terminated 6H-SiC are the intermixed configurations of Si-N and Al-C bonds, which produce no 
significant changes in the Si-C or Al-N back-bond lengths. Recently, we have shown[14] that 
the interface formed on n-type 6H-SiC (0001) has a density of trapped negative charge of 1 x 
1011 cm*2 at room temperature. In this paper, we show that the capacitance-voltage (C-V) 
characteristics of metal/AIN/n-type 6H-SiC (0001) (MIS) heterostructures depend strongly on 
temperature and exhibit hysteresis effects consistent with the presence of slow interface traps. 
We also show that the amount of hysteresis is dependent upon temperature. It has been 
shown[15] that the presence of particular Si-terminated steps on the vicinal 6H-SiC (0001) 
surface causes the introduction of defects in the A1N layer that originate at the interface. 
However, we find that the interfaces formed on both vicinal and on-axis 6H-SiC (0001) 
substrates have a similar density of trapped negative charge at room temperature, which decreases 
with increasing temperature. 

II. Experimental Procedure 

The A1N layers (100 nm thick) were grown on (0001) Si-terminated 6H-SiC substrates 
at 1373 K using gas-source molecular beam epitaxy (GSMBE)[16]. Sources were Al (99.999 % 
pure), evaporated from standard effusion cell, and 3.0 seem ammonia (99.999 % pure). Nitrogen- 
doped (2 x 1018 cm-3) 6H-SiC wafers containing 0.8-fxm-thick epitaxial layers [N-doped to 
(2- 4) x 1016 cm-3] deposited via chemical vapor deposition and thermally oxidized to a depth of 
75 nm were used as substrates in this work. The substrates were chemically cleaned in a 10% 
hydrofluoric acid solution to remove the oxide immediately before they were inserted into the 
growth chamber. To remove any residual hydrocarbons and oxide prior to deposition, the 
substrates were further cleaned using a 1-min silane exposure at 1273 K followed by a 10-min 
anneal at 1523 K in ultrahigh vacuum (1 x 10'9 Torr) until a 1 x 1 reconstruction pattern became 
visible in the reflection high-energy electron diffraction (RHEED) pattern of the 6H-SiC (0001) 
surface [17]. In order to investigate the effect of the interfacial defect structure on the C-V 
characteristics, the A1N layers were grown simultaneously on vicinal (3-4° off (0001) toward 
[1120]) and on-axis substrates at a rate of 100 nm/h. The AIN/SiC interface was examined by 
cross-sectional HRTEM using 200 KV Topcon 002 B electron microscope. Depth profiles of 
impurities in the A1N layers were determined by secondary ion mass spectrometry, with a 

CT primary ion beam. 
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The doping profile of uncompensated donors in the epitaxial layers was uniform and 
their concentration was 2 x 1016 cm*3, as determined from the C-V measurements reported 
below. The MIS heterostructures were prepared by deposition of circular Al contacts with an 
area of 5.4 x 10~3 cm2 on the A1N through a metal mask. Blanket deposition of Al was made on 
the backside of the wafers to form a large area ohmic contact. The C-V measurements were 
performed at frequencies between 1 kHz and 1 MHz and at temperatures ranging from 200 to 573 
K. The measurements were carried out in the dark with a voltage sweep rate of 100 mV/s. 
Measurements were also performed as follows: the device was illuminated with light from a 
halogen lamp while biased in deep depletion, making possible the modulation of the interface trap 
population. When a stable capacitance value was reached, the bias voltage was swept in the dark 
into accumulation and back to deep depletion at a sweep rate of 100 mV/s. 

III. Results and Discussion 

Figure 1 shows cross-sectional HRTEM images of the A1N layer on the on-axis and 
vicinal 6H-SiC (0001) substrates. The A1N layer grows in a two-dimensional growth mode with 
a hexagonal wurtzite structure and has an abrupt interface with the 6H-SiC (0001) substrate [Fig. 
1 (a)]. 

'    * ' * * V7   * * ' ' • ' 
> i * » • *V •    - • ■ ■ 

Fig. 1 High-resolution TEM images of the AlN/6H-SiC (0001) interface formed on (a) an on- 
axis substrate and (b) a vicinal substrate. The arrows shown in (b) indicate the step 
positions. 
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However, the misalignment of coalescing A1N island-like areas at steps on the vicinal 
6H-SiC surface due to the difference in stacking sequences of the A1N and the SiC results in the 
introduction of inversion domain boundaries (IDBs) in the A1N layer[15]. The presence of IDBs 
and the abrupt nature of the interface are revealed in Fig. 1 (b). For the layers used here with a 
thickness exceeding the equilibrium critical thickness for hexagonal A1N (~ 4.6 nm), threading 
dislocations that arise from the strain associated with these planar defects and with lattice 
mismatch are also observed[17]. 

A typical high-frequency (1 MHz) C-V curve obtained at room temperature for MIS 
heterostructures formed on a vicinal, n-type 6H-SiC (0001) substrate is shown in Fig. 2. Also 
shown in Fig. 2 is a theoretical curve calculated[18] for a 100 nm A1N layer on an n-type (2 x 
1016 cm-3) 6H-SiC (0001) substrate. No frequency dispersion of the capacitance is observed in 
the frequency range studied here. The C-V curve exhibits no appreciable hysteresis and shows 
deep depletion for negative gate voltages with no inversion capacitance characteristics observed 
due to the extremely low minority-carrier generation rate [19]. Figure 3 shows the behavior of the 
C-V curve when the device is illuminated with light from a halogen lamp while biased in deep 
depletion. It can be seen that hysteresis now appears in the deep-depletion portion of the curve 
consistent with the presence of slow interface traps that are not in equilibrium with the Fermi 
level in our experiment. Illumination results in a reduction of the charge occupancy of these 
interface traps and as a consequence, for a given bias voltage there is less negative charge in the 
interface traps on the positively going than on the negatively going voltage sweep. This results in 
the device capacitance being smaller on the negatively going than on the positively going voltage 
sweep. 
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Fig. 2 High-frequency (1 MHz) C-V curve measured at room temperature in the dark with a 
voltage sweep rate of 100 mV/s and a theoretical curve calculated for a 100 nm A1N 
layer on an n-type (2 x 1016 cm"3) 6H-SiC (0001) substrate. 

Fig. 3 Effect of illuminating the MIS device with light from a halogen lamp while biased in 
deep depletion on the C-V behavior. 
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Similar hysteresis effects were also observed in silicon MIS structures at low 
temperatures (< 160 K), where the generation of minority carriers is very small and the time 
constant for the charge emission from interface traps is very long[20]. 

From Fig. 2, using 4.2 eV for the work function of Al and 3.7 eV for the electron affinity 
of 6H-SiC (0001)[21], the flatband voltage, VFB, of +1.2 V (determined from the sweep from 
accumulation to deep depletion) represents a shift of +0.85 V from ideal, for a negative interface 
charge density of 3 x 1011 cm-2 at room temperature. Note that interface trap stretchout is not 
observed in the experimental C-V curve when compared to the ideal curve in Fig. 2. This charge 
must then reside largely in such slow interface traps. 

Figure 4 illustrates the effect of temperature on the C-V characteristics. It can be seen 
that increasing the temperature has the effect of shifting the curves to less positive gate voltages 
(or the capacitance to higher values). This shift indicates that less negative charge is trapped at 
the interface for a given bias voltage as a consequence of the movement of the Fermi level to 
lower energies with increasing temperature [22]. This behavior is consistent with the presence of 
acceptor-type traps. At 473 K VFB is almost dominated by the work function difference between 
Al and 6H-SiC (0001). Note also that as the temperature is lowered below 300 K, the portions of 
the curves that correspond to depletion exhibit a pronounced hysteresis. It is observed that the 
amount of hysteresis increases with decreasing temperature, yet one would have thought that the 
emission rate of the trapped charge would decrease drastically with decreasing temperature and 
hence, that no substantial hysteresis effects would be manifested in the C-V characteristics. The 
movement of the Fermi level closer to the bottom of the semiconductor conduction band (note 
that the interface traps are now filled to a higher level) must then have the effect of causing the 
emission rate to be less dependent on temperature[22]. The emission rate must also be less than 
the rate of change of the gate charge in our experiment as evidenced by the hysteresis effects. 

u 
S 
es 

Fig. 4    A set of C-V curves measured at different temperatures in the dark with'a voltage sweep 
rate of 100 mV/s. 
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Furthermore, the reduction of the slopes in the C-V characteristics from the ideal ones 
with decreasing temperature suggests that charge emission takes place from a continuum of 
interface traps [22]. 

It should be emphasized here that regardless of whether the MIS heterostructures are 
formed on vicinal or on-axis 6H-SiC (0001) substrates, almost identical C-V characteristics are 
obtained (Figs. 2 and 4). These results are in marked contrast to those reported for thermally 
grown and deposited oxides on n-type 6H-SiC (0001)[6], [19], which show increased hysteresis, 
and a shift in the C-V curves to more positive gate voltages as the temperature is increased from 
300 to 573 K. This shift indicates that in this case, more negative charge is trapped at the 
interface due presumably to a larger number of slow interface traps being thermally excited[19]. 
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SIMS depth profiles of (a) carbon, (b) oxygen and hydrogen in an AlN/6H-SiC (0001) 
heterostructure. The carbon concentration in the AIN layer is estimated to be about 
1016 atoms/cm3. The oxygen and the hydrogen concentration is estimated to be about 
1019 atoms/cm3 using the background signals in the 6H-SiC substrate. The apparent Al 
signal in the substrate is due to the interference of the NC signal and does not indicate 
the diffusion of Al into the 6H-SiC substrate. 

61 



Although high-resolution TEM images show that the interface formed on the vicinal 
6H-SiC (0001) substrate contains a higher density of defects than that on the on-axis substrate 
(Fig. 1), both interfaces are found to have a similar density of trapped negative charge. 

The SIMS depth profiles shown in Fig. 5, however, reveal that oxygen, hydrogen and 
carbon atoms are incorporated into the A1N and at the interface during growth. The drift of such 
impurity ions under the applied electric fields and at the low temperatures used here is not 
expected, but their presence at the interface can alter the nature of the local chemical bonds which 
can be at the origin of the interface traps[9]. However, more studies are currently underway to 
further clarify their role in determining the electrical characteristics of the interface. 

IV. Summary 

Metal/AlN/n-type 6H-SiC (0001) (MIS) heterostructures have been prepared by 
epitaxially growing wurtzite A1N layers on both vicinal and on-axis 6H-SiC (0001) substrates 
using GSMBE. The C-V characteristics obtained for these MIS heterostructures depend strongly 
on temperature in the range from 200 to 573 K, and exhibit hysteresis effects consistent with the 
presence of slow interface traps. The amount of hysteresis increases with decreasing temperature 
as a consequence of the shift of the Fermi level closer to the semiconductor conduction band, 
causing the emission rate to be less dependent on temperature. Despite the higher density of 
defects at the interface formed on the vicinal 6H-SiC (0001) substrate, both the interfaces on the 
vicinal and on-axis substrates are found to have a similar density of trapped negative charge of 
3 x 1011 cm-2 at 300 K, which decreases with increasing temperature. These results indicate that 
the interface is of a high quality suitable for device application. 
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Nitrogen-based Materials 



VI. Analysis of Reactor Geometry and Diluent Gas Flow Effects 
on the Metalorganic Vapor Phase Epitaxy of A1N and GaN 
Thin Films on oc(6H)-SiC  Substrates 

A. Introduction 

Over the last few years extensive world-wide research has resulted in significant advances 

in the quality of the III-V nitride materials: A1N, GaN, InN, and their alloys. As a result of 

these advances, short-wavelength optoelectronic devices such as blue and green light emitting 

diodes (LEDs) are now commercially available [1]. In addition, the fabrication and room 

temperature continuous wave (CW) operation of the first nitride-based short wavelength 

injection laser diodes have recently been reported [2]. Also, microelectronic devices for high- 

temperature, high-frequency, and high-power applications are being actively pursued [3]. 

These and other applications for the III-V nitride materials represent large potential markets 

which provide the driving force for the research of these materials. 

Many growth processes have been developed for depositing thin nitride films, including 

molecular beam epitaxy (MBE), hydride vapor phase epitaxy (HVPE), reactive magnetron 

sputtering, and metalorganic vapor phase epitaxy (MOVPE) (also known as organometallic 

chemical vapor deposition), among others. Metalorganic vapor phase epitaxy has become the 

main technique for growing high-quality epitaxial films and heterostructures. It is a growth 

method which provides high purity sources, a high degree of compositional control and areal 

uniformity, high growth rates, and the ability to grow abrupt junctions. It is a complicated 

process, requiring an understanding of fluid flow, gas phase and surface reactions, and 

transport processes. 

Successful MOVPE reactor design involves a detailed analysis of the coupled transport 

phenomena that affects the film deposition process. The reactor geometry and operating 

conditions determine the fluid flow structure which, in turn, determines the heat and mass 

transfer characteristics in the deposition chamber. Complex flow structures can develop in 

vertical MOVPE reactors due to large thermal gradients between the heated substrate and the 

cold walls. This leads to buoyancy-driven recirculation flows that can greatly influence the 

thickness uniformity of deposited films. Inverting the reactor (bottom-up flow) so the 

buoyancy and inlet flow directions are aligned greatly reduces the major cause of thermal 

convection. However, proper design and operation are necessary to achieve stagnation point 

flow which enables the growth of uniform films. In this work, presented are results of 

applying a computational fluid dynamic model to the gas inlet and inverted MOVPE reactor. 

The results of the computer model which predict the heat and mass transfer gradients present in 

the reactor are analyzed. These results were applied to the deposition of high-quality A1N and 

GaN thin films on SiC substrates. 
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In addition to examining the MOVPE reactor design and flow structure, the influence of the 

diluent gas on the deposition process was investigated. The diluent gas plays an important role 

in the MOVPE process, as it can constitute over 50% of the gas phase in the reactor. In 

addition to determining the flow structure in the reactor, it can affect the decomposition of the 

source species. The thermal conductivity and viscosity of the gas phase, and molecular 

diffusivity of species through the gas are also important parts of the MOVPE process. 

Hydrogen is the typical diluent gas used in MOVPE deposition of A1N, GaN, and AlGaN 

compounds. Hydrogen, however, has been shown to have deleterious effects on the growth of 

indium-containing nitride thin films [4,5]. This necessitates the use of nitrogen as the diluent 

gas for these compounds, and requires stopping the growth process to switch diluent gas 

sources when hydrogen is used otherwise. The use of nitrogen as the diluent gas for the 

growth of all nitride thin films would simplify the growth process. This work presents a 

comparison of A1N and GaN thin films grown using hydrogen and nitrogen as the diluent gas. 

The electrical, optical, and microstructural properties of the thin films are presented. 

B. Reactor Model and Design 

Model Description. The production of advanced semiconductor device structures such as 

quantum wells and superlattices requires control at the atomic level. Researchers have 

recognized the potential of the stagnation point flow reactor geometry to produce large area 

films that are uniform in both thickness and composition [6,7]. Under ideal conditions a flow 

field is obtained that results in uniform heat and mass transfer gradients across the deposition 

radius. However, the effects of buoyancy and finite geometries lead to the development of 

thermal recirculation flows that disrupt the ideal transport conditions. These effects were 

observed in preliminary GaN deposition experiments in the MOVPE system when the source 

gases entered the bottom of the reactor under consideration here through a straight 0.635 cm 

(1/4") tube. The resulting films were not homogenous. 

To alleviate these problems, a computational fluid dynamic model was developed to 

redesign the inlet and determine the optimum operating conditions. The model was developed 

using FIDAP, a commercial package that employs the finite element method. The velocity and 

temperature fields were calculated by solving the following coupled conservation equations in 

cylindrical coordinates: 

V(pi)) = 0 Continuity Equation (1) 

p(i) • Vi)) = -VP + \iV2v + pg      Conservation of Momentum (2) 

pCp (x> • VT) = V • (kVT) Conservation of Energy (3) 

The simplified energy balance neglects contributions from Dufour effects, viscous 

dissipation, radiation, and heat generated by reactions. Previous work [6,8] has shown that it 
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is safe to ignore these effects at low pressure MOVPE conditions. The temperature-dependence 

of the physical properties were abstracted from the Sandia database [9,10] and included in the 

simulations. The calculations were performed for a binary mixture of ammonia and the diluent 

gas (hydrogen or nitrogen). The viscosity and thermal conductivity of the mixture were 

determined using the semiempirical formula developed by Wilke [11]. It is appropriate to 

neglect contributions of the metalorganic precursors they constitute less than 0.01% of the 

mixture. Buoyancy effects were included in the momentum balance. 

The reactor geometry shown in Fig. 1 was simulated (excepting the exclusion of two 

viewports to make the system perfectly axisymmetric) in the computer model. The velocity 

boundary conditions include a zero velocity condition at all surfaces, no radial gradient at the 

centerline, and no axial gradient at the outlet. Two inlet velocity conditions were examined: (i) a 

parabolic profile that corresponds to fully developed flow in a pipe, and (ii) a uniform axial 

velocity across the inlet. Analogous temperature boundary condition included were fixed 

temperatures at the inlet, reactor walls and susceptor, no radial gradient at the centerline, and no 

axial gradient at the outlet. A nonuniform mesh employing nine-node biquadratic elements was 

used to discretize the reactor geometry. A typical mesh included xx elements which produced 

yy equations and unknowns that were solved using a combination of successive substitution 

and Newton Raphson techniques. All calculations were performed at the North Carolina 

Supercomputing Center. 

To Exhaust 

Heating 
Element 

Substrate 
Holder 

Figure 1. 

Viewport 

Schematic of deposition chamber for flow dynamics model. 
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Model Results. Figure 2 shows the velocity field and the associated temperature gradients 

for the original reactor configuration using the 0.635 cm inlet. Strong recirculation cells were 

predicted, resulting in nonuniform temperature gradients above the substrate. Using the 

classical analogy between heat and mass transfer [12] the general conclusions can be extended 

from heat to mass transfer, especially when deposition is limited by mass-transfer. Houtman 

and coworkers [6] have been shown that the inlet dimension, and also its relation to the 

substrate radius and separation, are critical to the achievement of uniformity. The insights of 

their study were used as guidelines in the redesign of our particular reactor. The results are 

shown in Fig. 3. The major changes were an increase in the inlet diameter from 0.635 to 

2.54 cm, and a reduction of the nozzle to substrate distance from ~8 cm to ~4 cm. Simulations 

showed that much better uniformity was achieved using a flat velocity profile than with a 

parabolic profile. Experimentally a flat velocity profile was achieved following the approach 

used to generate flat flames for combustion studies [13]. After passing the reactants through a 

packed bed to ensure good mixing, the uniform velocity profile was created by flowing the 

reactants through a 1 inch long honeycomb structure created by a packed array of thin wall, 

1 mm diameter silica tubes. The structure shown in Fig. 1 produced uniform temperature 

contours for total gas flows between 3 and 6 slm. The profiles were similar for both nitrogen 

and hydrogen diluent gases. 

C. Experimental Procedure 

The A1N and GaN thin films presented in this work were grown on SiC substrates (Cree 

Research, Inc.) in an inverted flow, vertical cold wall MOVPE reactor. The as-received 

on-axis, Si-Face cc(6H)-SiC(0001) wafers were cleaved into the desired size and degreased in 

sequential ultrasonic baths of trichloroethylene, acetone, and methanol, followed by a 

deionized water rinse. The substrate was then dipped in a 10% HF solution to remove the 

thermally grown protective oxide and blown dry with nitrogen before mounting on a 

molybdenum substrate carrier. The carrier was mounted in the deposition system and the 

deposition chamber was evacuated to less than 5.0xl0"6 Torr before beginning the deposition 

process. The system was operated under computer control using a Lab VIEW (National 

Instruments) control program developed in-house. The substrate was heated to the deposition 

temperature under a diluent flow of either hydrogen or nitrogen. A flow of 2.2 slm was used 

for the nitrogen diluent, while a flow of 2.5 slm was used for the hydrogen diluent. The 

deposition pressure was 45 Torr. The substrate was rotated continuously at approximately 

30 RPM during deposition. The substrate heater temperature was monitored by the computer 

using a thermocouple and calibrated with the temperature of the substrate using an Ircon 

Ultimax Infrared Thermometer. While the growth temperature was being obtained, the flow of 
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Figure 2.        Temperature gradients and gas velocity vector field for reactor configuration 
with 0.635 gas inlet. 
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Figure 3.        Temperature gradients and gas velocity vector field for reactor configuration 
with 2.54 gas inlet. 

68 



the carrier gas through the metalorganic bubblers was established using a run/vent 

configuration. The temperature and pressure of each metalorganic bubbler were independently 

controlled. Nitrogen only was used as the carrier gas for the metalorganic precursors. 

Trimethylaluminum (TMA) and triethylgallium (TEG) were the group III sources, and 

ammonia (NH3) was the nitrogen source. Silane (SiFLO diluted in hydrogen was the silicon 

source for the n-type dopant, and bis-(cyclopentadienyl) magnesium (Cp2Mg) was the 

magnesium source for the p-type dopant. 

All GaN films were grown on a high temperature A1N buffer layer that was approximately 

1000 Ä thick. The growth temperature for the A1N buffer layer was 1110°C. When the A1N 

deposition temperature was reached, TMA was introduced into the system at a rate of 

4.0 |0.mol/min with an NH3 flow of 1.8 slm for 20 minutes. After the growth of the buffer 

layer the substrate was cooled to approximately 1025°C to deposit the GaN film. The GaN 

deposition conditions were optimized for each diluent. In both diluent gases the flow rate of 

TEG was 20.0 jimol/min and the flow rate of NH3 was 1.8 slm. For Si doping, S1H4 was 

introduced into the reactor at flow rates varying between 0.15 and 3.75 nmol/min. For Mg 

doping, Cp2Mg was introduced into the reactor at a flow rate of 0.13 |imol/min. After 

terminating the GaN growth the substrate was cooled to room temperature under flowing 

diluent and NH3 at a controlled rate. 

The photoluminescence (PL) properties of the films were determined at room temperature 

and 4.2 K using a 15 mW He-Cd laser (X.=325 nm) as the excitation source. Scanning electron 

microscopy (SEM) was performed on a JEOL 6400 FE operating at 5 keV. Transmission 

electron microscopy (TEM) was performed at 200 keV using standard sample preparation 

techniques. Atomic force microscopy (AFM) was performed on a Digital Instruments 

Dimension 3000 Nanoscope Ilia with a Si tip in tapping mode. Capacitance-voltage (CV) 

measurements were made using a mercury (Hg) probe and a computer controlled Hewlett- 

Packard 4284A LCR meter. Contacts for Hall-effect measurements were made using an 

annealed, electron-beam deposited Ti/Au bilayer with thicknesses of 500 and 1500Ä, 

respectively. X-ray diffraction measurements were made using a Phillips X'Pert MRD 

diffractometer in the triple axis mode. The incident beam optics were a Bartels-type four crystal 

Ge(220) monochromator and the detracted beam optics were a triple bounce Ge(220) analyzer 

crystal. The angular divergence of the Cu Kai source using this configuration was 

< 10 arcsec. 

D. Results and Discussion 

AIN Thin Films. The A1N films characterized were grown under the same conditions as the 

buffer layers used in the GaN growth described above. The as-grown AIN films had highly 

reflective mirror-like surfaces. SEM analysis revealed a smooth surface with small pinholes 
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less than 100 nra in size as shown in Fig. 4. The pinholes in areas appeared to be oriented 

along lines for several microns across the surface of the sample. The source of these pinholes 

may be due to nucleation of defects at surface imperfections on the substrate, such as polishing 

scratches. AFM analysis of the A1N films verified this, as it showed a large number of linear 

features as seen in Figure 5. This would suggest the thin (1000Ä) A1N films mimic the features 

of the SiC substrate, and the quality of the film is a function of the condition of the substrate 

surface. A1N films grown in a nitrogen diluent had an RMS surface roughness of 

approximately 18Ä (10x10 |im AFM scan), while films grown in hydrogen had an RMS 

surface roughness of approximately 15Ä. As a result, A1N buffer layers used in the growth of 

GaN thin films were grown in a hydrogen diluent. 

Figure 6 shows a typical cross-sectional TEM of an A1N buffer layer which reveals a high 

density of dislocations in the A1N film. The selective area diffraction (SAD) pattern shows 

monocrystalline growth, with no evidence of domain growth or low angle grain boundaries, 

which is consistent with previously reported high-temperature growth of A1N on SiC 

substrates [14]. The average full width at half maximum (FWHM) of X-ray rocking curve 

measurements (26-co scan) of the A1N films was 190 arcsec (0002 reflection). 

GaN Thin Films: Crystal Quality. Table I lists the FWHM values for GaN films grown in 

both hydrogen and nitrogen diluents. Both the 002 (symmetric) and 012 (asymmetric) 

reflections were measured to obtain a better notion of film quality. Quantitative defect analysis 

has shown edge dislocations to be the prevalent threading dislocation type in heteroepitaxially 

grown GaN thin films [15], with the remainder being either of mixed type or pure screw. In 

GaN, the crystal distortion effects of pure edge dislocations do not show up in symmetric (002 

in this case) XRD reflections [16]. As a result, an asymmetric reflection such as the 012 gives a 

better indication of overall film quality, as all types of dislocations distort the planes used in the 

XRD measurement. For films grown in both diluents the CO and 20-co scan widths are broader 

for the asymmetric 012 reflections compared to the symmetric 002 reflections. This asymmetric 

reflection broadening is indicative of a defect structure in the film containing pure edge 

threading dislocations which were not seen in the symmetric reflection measurement. The 29-co 

FWHM values for the nitrogen diluent GaN films are more narrow than the corresponding 

values for films grown in a hydrogen diluent. 

Figure 7 is a cross-sectional TEM picture of a 1 |im GaN films grown in a nitrogen diluent 

on an A1N buffer layer. The GaN has a high concentration of defects near the AIN-GaN 

interface, which decreases with increasing distance away from the interface. The microstructure 

of films grown in both diluents was very similar. Figure 8 is a plan-view TEM of a GaN films 

grown in hydrogen showing the distribution of threading dislocations in the film. The 

measured dislocation density is lxlO9 cm-2. 
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Figure 4. SEM of 1000Ä A1N thin film grown directly on SiC. 

Scan rate 
Number of 
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2 50.000 nn/A 

Figure 5.        AFM of 1000Ä A1N thin film grown directly on SiC. z scale is 50 Ä. 
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Figure 6.        Cross-sectional TEM of A1N buffer layer. Sample orientation is [0110]. 

A1N 

6H-SiC 0.3 jim 

Figure 7.        Cross-sectional TEM of GaN film on A1N buffer layer. 
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Table! GaNX -ray Diffraction Measurements 

Diluent 002FWHM 
(arcsec) 

012FWHM 
(arcsec) 

Nitrogen CO 

26-co 
235.1 
100.8 

346.6 
128.4 

Hydrogen CO 

28-co 
219.4 
138.1 

502.1 
191.1 

^   ! 

- * 
X 

J .« 

*•> ->-: *' 
*r       * 

it; 

'\Mmm~ 
250 nm 

Figure 8. Plan-view TEM of 1 |im GaN film grown in hydrogen diluent. Measured 
dislocation density of lxlO9 cm"2. 

GaN Thin Films: Photoluminescence. Low temperature (12 K) PL measurements were 

made on GaN films grown in both diluents. Figures 9 and 10 show the PL spectra for undoped 

GaN films grow in nitrogen and hydrogen diluents, respectively. The spectra for the nitrogen 

diluent film is characterized by strong near band edge emission with a FWHM of 6.90 meV, 

and low "yellow" emission. The yellow emission levels are three orders of magnitude lower 

than the near band edge emission. The single feature of the near band edge emission at 

358.4 nm (3.460 meV) is attributed to an exciton bound to a neutral donor (I2) [17]. The PL 

spectra for the hydrogen film is characterized by weaker band edge emission and stronger 

yellow emission levels. The near band edge emission is characterized by two features, centered 
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Figure 9. 12 K photoluminescence of GaN film grown in nitrogen diluent. 
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Figure 10.       12 K photoluminescence of GaN film grown in hydrogen diluent 
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at 356.5 nm (3.478 eV) and 356.1 nm (3.482 eV). These peaks are attributed to I2 emission 

and free exciton (A) emission [17,18]. 

GaN Thin Films: Electrical Measurements. Undoped GaN films grown in both hydrogen 

and nitrogen had background free carrier concentrations of 3xl016 cm"3 as measured by CV. 

Hall measurements of these films yielded no information, as they were too resistive to obtain a 

good measurement. N-type films were achieved through the introduction of S1H4 during film 

growth. Si doping levels were demonstrated from the mid 1016s to the mid 1018s. Hall 

measurements on 1 |im thick Si-doped films were taken at room temperature and the Hall 

mobility versus carrier concentration is depicted in Figure 11. The maximum Hall mobility was 

275 cm2/V-s at a carrier concentration of lxlO17 cm-3. 

P-type behavior of GaN was investigated using bis-(cyclopentadienyl) magnesium as the 

source of magnesium. Mg-doped GaN films grown in a nitrogen diluent have repeatably 

shown p-type behavior as-grown, as determined by CV measurements. As-grown hole 

concentrations have been achieved between 3xl017 cm"3 and 8xl018 cm"3. Films grown in 

hydrogen typically require a post-growth thermal anneal to activate the hydrogen-passivated 

magnesium acceptors [19,20]. Annealing (RTA) of the Mg-doped films showed no change in 

acceptor levels with short anneal times (30 seconds) between 400 and 800°C, however, a 

Mobility vs. Carrier Concentration 
Si-doped GaN 
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Figure 11.       Room temperature Hall mobility measurements of Si-doped GaN films grown 
in nitrogen diluent. 
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5 minute anneal at 800°C increased acceptor levels by approximately half an order of magnitude 

for a sample which initially measured 3xl017 cm"3. Further annealing studies and Hall 

measurements are currently underway. 

GaN Thin Films: Effect of Diluent on Growth Rates. It was found that the growth rates of 

both A1N and GaN with nitrogen as the diluent were -35% less than when using hydrogen. 

The growth of the GaN films in both diluents was found to be in the mass transport limited 

regime, as the growth rate of the GaN films was relatively independent of the growth 

temperature over the temperature range investigated. The reactor model was used to investigate 

differences in mass transfer characteristics in the two diluents. 

The velocity profiles were nearly identical in both mixtures which indicated that the 

differences were not related to convective transport. However, it was found that hydrogen 

enhanced diffusion across the substrate boundary layer relative to nitrogen through two 

mechanisms. First, being a smaller molecule the diffusivity of the metalorganic species through 

the H2-NH3 mixture is about three times greater than in N2-NH3. Second the thermal 

diffusivity of the H2 mixture is about twice that of N2, which created a thicker temperature 

boundary layer below the substrate (5T » 7 mm for H2 vs. 87 ~ 4 mm for N2). Gas phase 

diffusivities increase with temperature as described by the following power law expression: 

D(T)=D0\4r)    where m - 1.7 (4) 

Based on the calculated temperature fields the diffusivity of TEG was determined as a 

function of position below the substrate for both gases which is shown in Fig. 12. Far from 

the substrate (z> 1 cm) the gas is cold and the ratio of the diffusivities is constant. Approaching 

the substrate the gas is hotter in the case of hydrogen due to its thermal diffusivity. As a result 

the mass diffusivity increases more rapidly in hydrogen, becoming as much as 9X greater than 

in nitrogen in the boundary layer. The diffusivity if TMA is nearly identical to what is shown in 

Fig. 12. 
An alternative mechanism for the growth rate enhancement is accelerated gas-phase 

decomposition. For TMA, it is known that pyrolysis is enhanced by the presence of hydrogen 

[21]. Decomposition of TMA begins by homolytic fission, producing methyl radicals as 

expressed by Eq. 5: 

A1(CH3)3 -> A1(CH3)2 + CH3. (5) 

In the presence of hydrogen the methyl radicals produce atomic hydrogen through the fast, 

reversible reaction: 
H2 + CH3 <-» H + CH4. (6) 
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Figure 12.       Calculated diffusivity of TEG in diluent gas/NH3 mixture. 

This creates a second decomposition pathway: 

A1(CH3)3 + H -> A1(CH3)2 + CH4 (7) 

This hydrogenolysis reaction has been shown to reduce the decomposition temperature of 

metalorganics by as much as 100 °C [22]. Although this chemistry undoubtedly occurs, it is 

not believed to be responsible for the observed differences in growth rate for a number of 

reasons. First, the decomposition temperatures of both TMA and TEG are < 500 °C regardless 

of diluent gas [21,22]. At the substrate temperatures employed both organometallics should be 

fully decomposed by the time they reach the substrate surface. In addition, the growth rates 

were insensitive to substrate temperature which indicates that decomposition was complete. 

Furthermore the growth rate enhancement in H2 was similar for both A1N and GaN. In contrast 

to TMA the thermal decomposition pathway for TEG proceeds through the ß-hydride 

elimination reaction [22] expressed in Eq. 8: 

Ga(C2H5)3 - GaH(C2H5)2 + C2H4 (8) 

As no radicals are produced by this reaction, the decomposition process is nearly 

insensitive to the nature of the carrier gas [22]. Thus, it is concluded that the higher growth 

rates observed in hydrogen diluent are primarily due to the enhancement of the diffusivity 

across the boundary layer as outlined above, and not related to differences in gas-phase 

chemistry. 
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E. Conclusions 
The MOVPE growth process for the deposition of A1N and GaN thin films was 

investigated. The effects of flow structures in the deposition chamber and the influence of the 

physical properties of hydrogen and nitrogen diluent gases were considered, and a 

computational fluid dynamic model was developed to examine the fluid flow structure in the 

deposition chamber. A1N thin films grown in nitrogen diluent gases were shown to have 

slightly rougher surfaces than those grown in hydrogen. Measurements (TEM and XRD) of 

GaN films were examined. Low temperature (12 K) photoluminescence measurements of GaN 

films grown in a nitrogen diluent had peak intensities and full widths at half maximum equal to 

or better than those films grown in an hydrogen diluent. Hall measurements of n-type (Si 

doped) GaN were made with a maximum Hall mobility of 275 cm2/V-s at lxlO17 cm'3 for a 

1 urn film. P-type behavior of GaN (Mg doped) was repeatably obtained without post-growth 

anneal by growing in nitrogen. Examination of the molecular diffusivity of the growth species 

explained the difference in the growth rates of A1N and GaN films in hydrogen and nitrogen 

diluents. Nitrogen is shown to be a feasible alternative to hydrogen as a diluent gas for the 

growth of A1N and GaN thin films. 

F. Future Research 

Future research will include further investigation of the as-grown p-type behavior of 

Mg-doped GaN films grown in a nitrogen diluent. Annealing and Hall mobility measurement 

studies will be performed. In addition, further optimization of undoped GaN films will be 

examined, with the goal to improve the XRD and PL measurements. Additionally, the 

difference in PL of GaN films grown in the two diluents will be investigated. Other work 

includes growth and characterization of InGaN and AlGaN films, doping of these films, and 

their application in microelectronic and optoelectronic devices. Simple diode devices will be 

fabricated and tested, as well and FET-type devices. 
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VII.   Effect of Hydrogen on the Indium Incorporation in InGaN 
Epitaxial Films 

Significant strides in the growth of Ill-nitride semiconductor films have led to the recent 

achievement of extremely bright blue and green light-emitting diodes (LEDs) [1] and blue 

lasing in InGaN/GaN/AlGaN-based heterostructures [2]. These developments have occurred in 

spite of the fact that there is still much that is not understood in the growth and properties of 

these compounds. This lack of understanding is most apparent in the indium-based nitrides as 

indicated by the limited number of reports currently being presented and published. The 

problems impeding the progress in the growth of InGaN and AlInGaN include poor optical 

properties, low percentages of indium incorporation in the films, and the formation of indium 

metal on the film surfaces. 
Hydrogen is currently being used for many diverse activities in the growth and processing 

of Ill-nitride films. For example, hydrogen has been shown to passivate Ca and Mg acceptors 

in GaN [3-6] and a difference in the behavior of hydrogen between p-type and n-type materials 

has been identified using energetics calculations [7]. Also, the addition of hydrogen to nitrogen 

during the growth of GaN by metalorganic chemical vapor deposition (MOCVD) results in 

changes in the gas flow pattern and decreases the growth rate [8]. Most of the work reported in 

the literature to date uses hydrogen as the precursor carrier gas. This is particularly true for the 

growth of GaN, A1N, and AlGaN, however, for the limited amount of work involving indium 

related nitrides, nitrogen becomes the predominantly used carrier gas. The question then arises, 

if the growth of other nitrides is so successful using hydrogen, why is it not also useful for the 

growth of InN and InGaN? Part of the answer lies in the role of hydrogen during the growth of 

indium containing nitrides. In this section, the effect of hydrogen on the InN percent in InGaN 

is presented with the dramatic result that the indium incorporation varies with hydrogen flow 

holding all other growth conditions constant. This result has not been reported before in the 

growth of IE-nitrides nor in the growth of any other III-V compound previously studied. 

The films were grown on (0001) sapphire substrates at atmospheric pressure using a 

specially designed reactor that has been described elsewhere [9,10]. The sapphire substrates 

were solvent cleaned prior to loading in the growth reactor. The pre-growth treatment included 

annealing under nitrogen and passivating under ammonia at 1050°C for 15 and 1 minute, 

respectively. An A1N buffer layer grown by atomic layer epitaxy (ALE) was then deposited at 

700°C and 100 Torr, foUowed by a MOCVD grown AlGaN graded to GaN prelayer at 950°C 

and 750 Torr for 15 and 10 minutes, respectively, with a 2.5 minute grading period in 

between. The details of the growth conditions for the buffer layer are described elsewhere [11]. 

Published in Applied Physics Letters 70, p. 461,1997. 

80 



The InGaN layer was grown for 1 hour either by MOCVD in the temperature range 710-780°C 

or by ALE in the range 650 and 700°C. Trimethylgallium (TMGa), trimethyl-aluminum 

(TMA1), and ethyldimethylindium (EDMIn) were used as the precursors with a 

nitrogen/hydrogen mixed carrier gas. High purity ammonia was used as the nitrogen source. 

The quality and InN percent of the films were characterized by q-2q x-ray diffraction 

(q-2q XRD) and x-ray rocking curve (XRC). 

Figure 1 plots the InN percent, as determined by q-2q XRD, in InGaN as a function of the 

hydrogen flow injected with the nitrogen carrier gas. All of the samples were grown by 

MOCVD using 1 seem of TMGa (-10°C), and 90 seem of EDMIn (+10°C) in 5 slm of nitrogen 

carrier gas and 5 slm of ammonia at the temperatures and hydrogen flows indicated. The figure 

indicates that the InN percent in the films droped significantly as the hydrogen flow increased. 

This trend occurred at all four temperatures investigated with very good consistency. The 

general trend of Fig. 1 showed a fairly rapid decrease in the InN percent as the hydrogen flow 

increased from 0 to 20 seem, followed by a more gradual decrease upon further increased 

hydrogen flow from 20 to 100 seem. All films were single crystalline, good quality, and 

without indium metal as-grown, as indicated in Figs. 2(a) and (b). The q-2q XRD pattern for 

the sample grown at 710°C with no hydrogen, shown in Fig. 2(a), indicated 40% InN in the 

ternary film. The scan showed the (0002) plane of InGaN and GaN along with the (0006) 

c-plane of the sapphire substrate. The scan also showed the absence of any pure indium peaks 

such as the (002) plane at 36.33° or the (110) plane at 39.17°, as well as no other InGaN 

planes, which indicated that the film was free of indium metal and single crystalline as-grown. 

Fig. 2(b), which gave an indication of the good quality of the films, was an XRC pattern of the 

sample grown at 750°C with 50 seem hydrogen. The peak on the left corresponded to the 

(0002) plane of the ternary film while the peak on the right was the (0002) plane of GaN. The 

50. 

(a) 710°C 
(b) 730°C 

Column in Hydrogen Flow (scan) 

Figure 1.        InN percent in InGaN as determined by q-2q XRD as a function of the 
hydrogen flow at the growth temperature (a) 710, (b) 730, (c) 750, and (d) 780°C. 
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Figure 2. (a) q-2q XRD pattern for In0.40Ga0.60 N grown at 710°C with no hydrogen 
and (b) XRC pattern for InO.10GaO.90N grown at 750°C with 50 seem 
hydrogen. 

full width at half maximum (FWHM) of these planes was 416 and 159 arcsecs., respectively. 

The splitting between the peaks indicated 10% InN in the InGaN film which was in agreement 

with the value obtained by q-2q XRD. The GaN FWHM was slightly larger than the 

previously reported value of 130 arsecs [11], however, this GaN layer was much thinner and 

was being used as a prelayer for the InGaN growth. The FWHM of the ternary film was quite 

good compared to previously reported values for InGaN at this growth temperature [9,12]. The 

general trend was that as the InN percent in the ternary increased, the FWHM of the films also 

increased. This is to be expected since, as the InN percent increased, the lattice mismatch 
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between the ternary and the underlying GaN prelayer increased causing an increase in the 

dislocation density in the film. 
The effect of hydrogen on In incorporation was also observed for InGaN grown by ALE. 

The main characteristic of this growth technique was reactant gas separation thereby ehminating 

the possibility for gas phase reactions as described elsewhere [9,10]. In the growth temperature 

range of 650 to 700°C, a consistent reduction in the InN percent was observed with increasing 

amounts of hydrogen. For example, at 650°C with hydrogen flowing at 2 seem with the 

organometallics and 100 seem with the ammonia gas stream, 17% InN in InGaN was 

observed. When the hydrogen flow was increased to 4 and 200 seem, respectively, the indium 

incorporation dropped to 11%. 
In an effort to determine the effect on the InN percent due to the hydrogen generated during 

the decomposition of ammonia, a series of experiments was performed in which the overall 

ammonia flow was varied while keeping all other parameters constant. The results of that study 

are shown in Fig. 3 in which the ammonia flow was varied from 0.3 to 5 slm while using 

nitrogen as a make-up gas to keep the overall column V flow constant at 5 slm. The samples 

representing curve (a) in Fig. 3 were grown at 730°C with no hydrogen while those on curve 

(b) were grown at 780°C with 50 seem hydrogen. Both were deposited by MOCVD with the 

same TMGa and EDMIn flows as those in Fig. 1. Both curves showed little change in InN 

percent for ammonia flows greater than 1 slm indicating a sufficient supply of reactive nitrogen 

species at the growing surface with little effect from the hydrogen being generated by the 

decomposition of ammonia. This was an indication that the decomposition of ammonia into 

nitrogen and hydrogen at these temperatures was extremely low. If the decomposition were 

occurring at a higher rate, the increased hydrogen being generated from the ammonia would 

result in a decrease in the InN percent similar to that observed in Fig. 1. Using a ±1 InN% 

error associated with the points on curve (a) of Fig. 3 and comparing this number to the zero 

hydrogen point on curve (b) of Fig. 1 indicates that 5 seem of hydrogen, at most, was being 

generated from the ammonia. Assuming 5 slm of ammonia, 15 seem of liberated hydrogen 

would result from 0.1% decomposition of the ammonia at the temperature range studied. 

Therefore, the data from Figs. 1 and 3 suggest an ammonia decomposition rate of less than 

0.1%. The drop in InN percent when lowering the ammonia flow to 0.3 slm in curve 3(a) was 

accompanied by indium metal on the sample as indicated by q-2q XRD, although the drop in 

curve 3(b) was not accompanied by an indication of indium metal on the sample. This indicates 

that at this low ammonia flow, the reactive nitrogen species concentration from ammonia was 

limiting the growth of the ternary film and for curve 3(a), the temperature was sufficiently low 

enough to allow the excess indium to form indium metal, while for curve 3(b) the excess 

indium was desorbing from the film surface. 
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Figure 3. InN percent in InGaN as determined by q-2q XRD as a function of the 
ammonia flow at (a) 730°C and no hydrogen, and (b) 780°C and 50 seem 
hydrogen. 

At this time, any effort to explain why hydrogen effects indium incorporation would be 

speculation. However, hydrogen may have an effect on the lifetime of the reactive indium 

species at the film surface [13,14]. If hydrogen were to reduce the lifetime, the concentration of 

reactive indium species at the surface would be reduced with increased hydrogen flows, 

thereby reducing the amount of indium being incorporated into the growing film. Another 

possibility is that hydrogen somehow affects the concentration of contaminates, such as 

carbon, in the near surface region which could, in turn, affect the incorporation of indium. 

In summary, flowing small amounts of hydrogen has been shown to have a profound 

effect on the InN percent in El-nitride compounds, as well as on the crystalline quality of these 

films. This result has never before been reported for any HI-V compound semiconductor and 

represents a new and interesting avenue of investigation into the understanding of the growth 

of nitride films. An increase of up to 25% InN in InGaN, depending on the growth 

temperature, can be obtained by reducing the hydrogen flow from 100 to 0 seem. The amount 

of hydrogen being generated by the ammonia at these temperatures does not appreciably change 

the InN percent in the films, indicating a very low decomposition rate (less than 0.1%) of the 

available ammonia. Further characterization of these films is underway to help fully understand 

the exact nature of the mechanisms responsible for the phenomena presented in this letter. 

Studies aimed at identifying any correlation between the impurities and hydrogen flow in these 

films to aid in the improvement of the optical and electrical properties of InGaN are also being 

investigated. 
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VIII. Impurity Dependence on Hydrogen and Ammonia Flow Rates 
in InGaN Bulk Films 

The effect of small amounts of hydrogen on the InN percent in InGaN epitaxial films were 

recently reported [1] with the result that the In incorporation was controlled by the hydrogen 

flow rate while holding all other growth conditions constant. Due to the effect of hydrogen in 

reducing the InN incorporation rate, most of the work reported on the growth of InGaN was 

carried out under nitrogen carrier gas flows. Another source of hydrogen was derived from 

NH3, however, at the growth temperatures used to grow InGaN, the NH3 cracking efficiency 

was less than 0.1%.l Hydrogen had also been shown to effect other aspects of III-V film 

growth. For example, hydrogen can passivate Ca and Mg acceptors in GaN [2-5] By 

substituting hydrogen in place of nitrogen as the carrier gas, different reactant gas flow patterns 

were obtained due to the different thermal properties of nitrogen and hydrogen [6]. Hydrogen 

was also shown to enhance the step flow growth of GaAs by gas-source migration enhanced 

epitaxy [7], as well as the Ga surface-diffusion length on GaAs during molecular-beam epitaxy 

[8]. In this section, the influence of hydrogen and NH3 on the H, C, and O impurity levels in 

bulk InGaN epitaxial films grown by metalorganic chemical vapor deposition (MOCVD) are 

reported. Secondary ion mass spectrometry (SIMS) analysis indicated a significant decrease in 

the H, C, and O impurity levels as the hydrogen flow rate was increased while increasing the 

NH3 flow rate results in a decrease in the C and an increase in the H and O holding all other 

growth conditions constant. 

Bulk InGaN films were grown on (0001) sapphire substrates at atmospheric pressure using 

a specially designed reactor that has been described elsewhere [9,10]. Trimethylgallium 

(TMGa), trimethylaluminum (TMA1), and ethyldimethylindium (EDMIn) were used as the 

precursors with a nitrogen/hydrogen mixed carrier gas. High purity ammonia was used as the 

nitrogen source. The pre-growth treatment including the buffer layer and prelayer growth has 

been described elsewhere [1,11]. The InGaN layer was grown for 1 hour by MOCVD in the 

temperature range 710 to 780°C resulting in a thickness of 0.3 mm for the bulk ternary alloy as 

determined by transmission electron microscopy and SIMS. All films were single crystalline, 

good quality, and without indium metal as indicated by q-2q x-ray diffraction (q-2q XRD) and 

x-ray rocking curve (XRC) [1]. All measurements were taken using a Cameca IMS-6F SIMS 

instrument. H (1), C (12), O (16), Ga (69), and In (115) measurements were performed using 

Cs+ bombardment and monitoring negative secondary ions. Atomic ions were measured for all 

elements. 

Accepted for publication in Applied Physics Letters. 
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(a) Hydrogen, (b) carbon, and (c) oxygen impurity concentrations determined 
by SIMS and normalized to the Ga signal as a function of the hydrogen flow 
rate for bulk InGaN films grown at 730°C by MOCVD. 

Figure 1 plots the (a) H, (b) C, and (c) O impurity concentrations from SIMS as a function 

of the hydrogen flow injected with the nitrogen carrier gas. These samples were grown at 

730°C using 1 seem of TMGa (-10°C), and 90 seem of EDMIn (+10°C) in 5 slm of nitrogen 

carrier gas and 5 slm of NH3. Due to the unavailability of InGaN calibration standards, 

absolute impurity concentrations in atoms/cm3 cannot be determined. The H, C, and O levels 

were normalized to the Ga signal, factoring in the Ga content determined by q-2q XRD. This 

method of SIMS data analysis produces the most self-consistent data. Figure 1 shows the 

impurity levels dropped significantly as the hydrogen flow rate increased. Figure 1(a) indicates 

approximately a ten-fold decrease in the H impurity level as the hydrogen flow rate increased 

from 0 to 50 seem. There is greater than an order of magnitude decrease in both the C and O 

concentrations as the hydrogen flow rate was increased from 0 to 10 seem. There was a further 

decrease by another order of magnitude as the hydrogen flow rate was increased from 10 to 

100 seem, however, the decrease in the impurity levels seemed to level off between 50 and 

100 seem. Similar trends were observed for bulk InGaN samples grown at 710 and 780°C. 

The decrease in the impurity levels with hydrogen flow rate was also accompanied by a 

decrease in the InN percent in the ternary alloy. The In incorporation decreased from 28 to 11% 

as a result of increasing the hydrogen flow rate from 0 to 100 seem as previously reported [1]. 

To show the decrease in the impurity levels was mainly a function of the hydrogen flow rate 

rather than the change in InN percent, films grown with varied hydrogen flow rates yielded the 

same InN percent are shown in Table I. The data shown in Table I represents three different 
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Table I. Comparison of the Impurity Concentrations to the Hydrogen Flow Rate for Three 
Different Growth Temperature Conditions Yielding Constant InN Percentages 

Growth Relative Impurity Levels 
Group Temp. (°C) H2 (seem) InN% H C O 

A 780 20 5 2.0 3.7 4.5 
780 50 4 1.0 1.0 1.0 

B 730 0 28 1.7 2.2 3.3 
780 20 29 1.0 1.0 1.0 

C 780 0 12 0.4 33 9.1 
730 50 13 1.0 2.5 1.2 
730 100 11 1.0 1.0 1.0 

growth temperature conditions. For each condition, labeled A, B, and C in the first column of 

Table I, the impurity concentrations were normalized to the sample with the highest hydrogen 

flow rate to facilitate comparisons. In Group A, the growth temperature was constant as the 

hydrogen flow rate increased, in Group B, the temperature increased as the hydrogen flow rate 

increased, and in Group C, the temperature decreased as the hydrogen flow rate increased. In 

all cases, the C and O impurity levels increased with decreased hydrogen flow rate and 

indicated that the hydrogen flow rate was affecting the impurity concentrations irrespective of 

the InN percent in the films. Additionally, the hydrogen flow rate was shown to have a more 

pronounced effect on the C and O impurity concentrations than changes in the growth 

temperature. For example, from Group C, films grown at 780°C without hydrogen had higher 

C concentrations, over thirty times higher, than the corresponding films grown at 730°C with 

100 seem of hydrogen. The data shown in Table I was consistent with the trends shown in 

Fig. 1 except for the H impurity incorporation at the relatively high temperature in Group C. In 

this case, the H impurity concentration decreased by a factor of 2.5 as the temperature 

increased and the hydrogen flow rate decreased. This could indicate that the growth 

temperature played a critical role on the impurity H incorporation in this ternary alloy. 

The most probable source of C contamination was the OM precursors. During InGaN 

growth, TMGa [(CH3) 3Ga] and EDMIn [(CH3)2C2H5ln] were continuously flowing into the 

growth reactor. The decomposition of these OMs typically resulted in the liberation of methyl 

radicals (CH3) and, to a lesser extent, other hydrocarbons such as CH2 and CH [12]. These 

hydrocarbon radicals could attach to the growing surface leading to their incorporation in the 

InGaN film. Additionally, the final hydrocarbon attached to the Ga and In species during their 

surface decomposition process could be difficult to remove and become incorporated into the 

film as the Ga and In species are incorporated. This will result in a relatively high C and H 

impurity content since inclusion of a methyl radical, for example, will lead to the simultaneous 
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incorporation of C and H. This is consistent with the previous finding using high-resolution 

infrared absorption spectroscopy showing the presence of carbon-hydrogen defect complexes 

[13]. Hydrogen can interact with a CH3 radical either in the gas phase or, more likely, at the 

InGaN surface to form a more stable CH4 molecule that is less likely to react with the growing 

surface. A very small amount of hydrogen in the carrier gas, 10 seem for example, seems to be 

very effective in reducing both C and H impurity levels in the bulk ternary film. Even though 

the ratio of hydrogen to nitrogen in the carrier gas is very low, the mole fraction ratio of 

hydrogen to the OMs is quite large. For example, the hydrogen to OM mole fraction ratio is 

~ 100 at a hydrogen flow rate of 10 seem. Thus, the mole fraction of hydrogen to 

hydrocarbons from the OMs is ~ 33 at a 10 seem hydrogen flow rate. 

The source of O contamination in the growth reactor was not as apparent as the C source. 

Although high purity ammonia (99.999%), which was further purified by an OM resin filter, 

was being used as the nitrogen supply, it was still suspected as being a possible candidate for 

the O source. A set of experiments in which the NH3 ratio in the column V nitrogen carrier gas 

was varied while holding all other growth parameters constant was performed. The samples 

were grown at 730°C with no hydrogen and with the same TMGa and EDMIn flow rates as the 

samples shown in Fig. 1. The NH3 flow rate was varied from 1 to 5 slm while nitrogen was 

used as a make-up flow to keep the overall column V flow rate a constant 5 slm. q-2q XRD 

showed no appreciable change in the InN percent for these samples indicating a sufficient 

supply of reactive nitrogen species at the growing surface and a lack of enough hydrogen 

liberated from the NH3 to reduce the In incorporation as we had previously reported [1]. SIMS 

analysis of the H, C, and O impurity levels in these samples are shown in Fig. 2(a), (b), and 

(c), respectively. Figure 2(c) shows there was, in fact, an increase in the O impurity level by 

about a factor of four as the NH3 flow rate increased from 2.5 to 5 slm giving a good 

indication that O was appreciably present in the NH3 supply. However, the O concentration did 

not significantly change while increasing the NH3 flow rate from 1 to 2.5 slm. This may be an 

indication that the effectiveness of the OM resin purifier, while stable at lower NH3 flow rates, 

diminished at higher flow rates. Additionally, the H impurity level in Fig. 2(a) was seen to also 

increase by the same amount as the O. This could indicate that hydroxyl radicals were being 

incorporated as oxygen-hydrogen defect complexes into the film and, in a similar fashion as 

with the hydrocarbon radicals discussed earlier, the hydrogen in the carrier gas could interact 

with an OH radical at the surface to form H2O which is more stable and less likely to react with 

the nitride film surface. What is also interesting is the observation that the C concentration 

shown in Fig. 2(b) decreased by an order of magnitude as the NH3 flow rate increased from 

1 to 2.5 slm. This may be an indication of a surface enhanced reaction between NH3 and the 

hydrocarbon radicals [12] such that NH3 decomposed to NH2 and H and the H atom bonds 
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Figure 2. (a) Hydrogen, (b) carbon, and (c) oxygen impurity concentrations determined 
by SIMS and normalized to the Ga signal as a function of the ammonia flow 
rate for bulk InGaN films grown at 730°C with no hydrogen by MOCVD. 

with CH3 to form CH4 which was stable thereby reducing the C impurity level at higher NH3 

flow rates. However, this effect seemed to saturate upon further increase in NH3 flow rate as 

seen in Fig. 2(b). 
In addition to the previously discussed mechanism for the decrease in the impurity levels 

associated with an increase in the hydrogen flow rate, it has also been proposed [14] that due to 

the differences in thermal properties of hydrogen and nitrogen, increasing the hydrogen to 

nitrogen ratio will reduce the thickness of the gaseous thermal boundary layer above the 

substrate. Reducing the boundary layer can lead to less parasitic gas phase reactions that can be 

partially responsible for the impurities in the growing film. However, in the present 

experiment, the hydrogen to nitrogen ratio in the carrier gas is much lower than the flow rates 

used by Scholz et al [14] and, therefore, should not substantially affect the thermal boundary 

layer. Another possible explanation is that hydrogen partially passivates the InGaN surface in a 

similar fashion as in the growth of GaAs [15]. When the carbon- and oxygen-containing 

radicals come in contact with the film surface they can interact with the hydrogen on the surface 

and form CH4 and H2O, respectively, in two possible scenarios as described earlier. However, 

the dissociation of hydrogen from the nitride surface at the presently used growth temperatures 

has not been studied. 

To aid in further understanding the overall effect on the impurity levels as the amount of 

InN in the InGaN ternary alloy is increased, the impurity concentrations are plotted as a 

function of the InN percent and shown in Fig. 3 for the (a) H, (b) C, and (c) O impurity levels. 
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The impurity level signals are normalized to the Ga signal as in Figs. 1 and 2. Figure 3 

represents data collected under several different growth conditions: B-710°C, J-730°C, 

P-780°C, with varied hydrogen flow rates, and H-varied NH3 flow rates at two different 

temperatures which can account for much of the spread in the data. There is a general trend in 

Fig. 3 that indicates as the InN percent in the bulk films increase the impurity levels increase. 

This suggests that, regardless of changes in the growth conditions, increasing the InN percent 

will result in greater concentrations of impurities in the film. For example, increasing the In 

incorporation from 10 to 40% can result in approximately three orders of magnitude increase in 

the C and O impurity levels. 

In summary, flowing small amounts of hydrogen has been shown by SIMS to have a 

significant effect on the H, C, and O impurity concentrations in InGaN bulk films. A decrease 

of over two orders of magnitude in both the C and O levels results from increasing the 

hydrogen flow rate from 0 to 100 seem while the H impurity level drops by a factor of ten over 

the same range. The NH3 flow rate was shown to affect the H, C, and O concentrations as 

well. The H and O increases and the C decreases as the NH3 flow rate increases indicating that 

even high purity NH3 (99.999%) can be a source of oxygen. Further studies indicate that when 

the InN percent in InGaN increases, the impurity levels increase regardless of changes in the 

growth conditions. More work is needed to fully understand the origin of these results. 
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Figure 3. (a) Hydrogen, (b) carbon, and (c) oxygen impurity concentrations determined 
by SIMS and normalized to the Ga signal as a function of the InN percent for 
bulk InGaN films grown under varied growth conditions by MOCVD: Varied 
hydrogen flow rate at; B - 710°C, J - 730°C, and P - 780°C, and H - varied 
ammonia flow rate at two different temperatures. 
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IX.    Optical Memory Effect in GaN Epitaxial Films 

During the last 25 years, considerable effort has been devoted to the design of optical data 

storage devices [1-6]. Despite the commercial success of high-density magneto-optical data 

storage systems, vigorous research activity continues regarding the development of non- 

magnetic, all-optical storage media. Most of these investigations are based on materials that trap 

electrons at deep defects. Read and write data transfer rates in electron trapping media should 

be fast because the process is photon-electronic rather than thermal in nature. One of the most 

promising technologies is based on electron trapping in alkaline earth crystals doped with rare 

earth elements [7-9]. A number of investigators have also studied the optical memory effect in 

A1N ceramics [10] and AlGaAs alloys [11]. In these technologies, information is written when 

photoionization of deep electron traps effectively sensitizes these materials by creating 

metastable states that modulate their electrical and/or optical properties. The written information 

can be retrieved from these sensitized crystals in various ways. For example, when the 

sensitized areas of the crystal are exposed to a "reading" laser beam, electrons can escape from 

the traps and produce photons with near band edge energy [7-10] or the beam can be diffracted 

by a locally varying refractive index due to variations in space charge [11]. Another effect 

related to electron trapping in epitaxial GaN and A1N that also has potential to be used for 

optical data storage systems has been observed. 

Researchers are NC State University report that the intensity of room temperature (RT) near 

band edge photoluminescence (PL) of GaN is significantly decreased at areas that have been 

exposed to a sufficient dose of ultraviolet (UV) radiation, and that this effect can be reversed 

i.e., "erased" with illumination of these areas with longer wavelength laser light. 

The investigated films were grown by atmospheric pressure metalorganic chemical vapor 

deposition (MOCVD) at 950 °C on (0001) sapphire substrates. Trimethylgallium (TMG, 

-10 °C) and trimethylaluminum (TMA, +18 °C) were used as the column HI sources, ammonia 

(NH3, 100%) was used as the column V source, and nitrogen was used as the carrier gas. 

Following the initial deposition of a -100 A A1N buffer layer grown at 700 °C by atomic layer 

epitaxy (ALE), a -0.3 mm Alo.1Gao.9N lower cladding layer and the 1 mm GaN layer were 

grown at 950 °C. The surfaces of these films have pyramid-like hillocks, that are similar to 

results of investigations of GaN grown by MOCVD in a nitrogen ambient reported by Sasaki 

et al. [12]. The resistivity of these films have been estimated to be -1 Wxcm and the films 

exhibit double crystal x-ray diffraction (DCXRD) rocking curves of the (0002) plane that have 

a full width at half maximum (FWHM) of -100 arc sec. This optical memory effect in A1N 

films grown directly on sapphire by ALE at 700 °C has also been investigated. 

Accepted for publication in Applied Physics Letters. 
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The RT PL spectra of these films have been studied using a 10 mW He-Cd laser (325 nm), 

which was focused to a spot size -100 mm in diameter. The He-Cd laser was used not only 

for PL excitation but also for longer UV exposures of the sample that induced the optical 

memory effect. A 4 mW He-Ne laser operating at 632.8 nm with a ~1 mm diameter spot size 

(unfocused) was used to reverse i.e., "erase" the optical memory effect that was induced by the 

He-Cd laser beam. The samples were mounted on a motorized linear translation stage. For 

studying the optical memory effect, PL measurements were typically performed by keeping the 

He-Cd laser beam focused at a fixed position and moving the sample through the beam at a 

controlled rate, thereby obtaining a spatial record of emitted PL at the near band edge transition 

energy (-3.4 eV for GaN). Conventional PL spectra i.e., intensity vs wavelength, can also be 

measured with this setup by keeping the sample stationary and scanning the monochromator 

over wavelength. 

The RT PL spectra of the GaN films exhibits intense near band edge emission at 3.4 eV 

and very weak yellow emission at 2.3 eV. It has been observed that prolonged UV excitation 

of some GaN samples results in a marked decrease of their PL emission intensity with time, 

and this effect persists long after removal of the UV excitation. This memory effect is 

illustrated in curve a of Fig. 1, which shows the decrease of near band edge (~ 3.4 eV) PL 

emission intensity versus time of He-Cd laser excitation. Curve b of Fig. 1 illustrates the 

timing and duration of the sample excitation. The sample was initially illuminated for 5 minutes 

with the He-Cd laser, and the PL emission decreased appreciably, saturating at an intensity less 

than half of the initial measured intensity. The -20 second delay of measuring the PL emission 

(curve a) from the GaN sample is related to the stabilization time of our lock-in amplifier after 

the initial exposure of the sample to the He-Cd beam. After 5 minutes of irradiation, the He-Cd 

laser was switched off and the sample was allowed to "recover" at RT in ambient light. The 

He-Cd laser was switched on to make five more measurements over a 3 day period to measure 

the PL intensity in the recovering film. The laser was turned on only long enough to obtain a 

stable reading of PL emission, and then immediately turned back off to minimize further 

degradation of PL emission intensity. After a three-day period, the PL emission was still not 

fully recovered with respect to the initial measured intensity. 

The long lifetime of the PL intensity recovery in these films constitutes a memory effect that 

can be used to record information over the areal extent of the material. By exposing selected 

points to various doses of UV radiation, their subsequent emission to optical excitation can be 

modulated compared to unirradiated areas. Figure 2 illustrates a demonstration of this concept 

where 8 points, A - H, all known distances from one another and lying on the same line, have 

been irradiated by focused He-Cd laser light for durations of 10, 5, 10, 2, 2, 5, 1, and 1 min. 

respectively. A baseline measurement of PL emission (3.4 eV) was made along this line before 
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Figure 1. (a)  Time dependence of PL emission intensity at 3.4 eV. 
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Figure 2.       (a)    PL emission intensity (@ 3.4 eV) vs. distance along the sample prior to 
UV "writing" exposure. 

(b) PL emission intensity (@ 3.4 eV) vs. distance along the sample 
immediately after "writing" at points A-H with He-Cd nm laser light for 
various durations. 

(c) PL scan similar to (b) made two days after writing at points A-H. 
(d) PL scan similar to (d) made three days after writing at points A-H. 
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irradiating these points, as shown in curve a, Fig. 2. It should be noted that points D and E are 

separated by -50 mm, points G and H are separated by -100 mm, while the other points have 

spatial separations of -1 mm or more. Immediately following the UV exposure of these 

isolated points, the sample was scanned at a rate of -1.5 mm/min from a location just before 

point A through point H and PL emission was collected at the near band edge energy of 3.4 

eV. The results of this measurement are shown in curve b, Fig. 2 and indicate that the -20 % 

decrease in PL emission intensity can be effectively "read" at each point of this scan. 

Subsequent PL scans made after a period of two and three days, as shown in Fig. 2 curves c 

and d respectively, demonstrate the persistence of this memory effect at RT. Since points G 

and H (-100 mm spacing) can be spatially resolved, while points D and E (-50 mm spacing) 

cannot, our spatial resolution is apparently limited by our He-Cd laser spot size (-100 mm). It 

should also be mentioned that when conventional PL spectra are measured at irradiated points 

A - H, we observed no shift in peak emission energy (3.4 eV) and no change in the FWHM of 

the PL spectra. 
A preliminary investigation has been made of whether or not longer wavelength radiation 

has an influence on this optical memory effect. First, a GaN sample (-1 mm thick) was written 

to at two different points, separated by about 150 mm, by exposing the sample to He-Cd laser 

light. The PL intensity (measured at 3.4 eV) was measured along this linear region to confirm 

that the PL intensity was diminished at these two points, as shown in Fig. 3, curve a. Next, a 4 

mW He-Ne laser (632.8 nm) with a 1 mm (defocused) spot size was used to simultaneously 

irradiate these two closely spaced points for 30 minutes. Within 3 minutes of the He-Ne 

irradiation, another linear scan of PL emission intensity was performed that exhibited little 

apparent change, as shown in Fig. 3, curve b. However, 6 hours after the He-Ne irradiation, a 

second linear scan of PL emission exhibited a nearly uniform intensity profile, shown in 

Fig. 3, curve c, indicating that the optical memory effect had been effectively erased. 

This optical memory effect has also been observed in a thin A1N film grown by ALE at 

700 °C. Because the reduction in PL emission intensity with irradiation time is even more 

pronounced than in the aforementioned GaN films, a slight variation in our measurement 

method was used to measure the effect in the A1N film. To avoid overexposing the film and 

loose the PL signal completely, an initial scan was made by moving the A1N sample through 

the He-Cd beam at a rate of -1.5 mm/min while acquiring the emission intensity vs wavelength 

data. This measurement approach limits the UV exposure of each point on the sample to 

approximately 9 seconds, assuming a laser spot size of 100 mm, and the resulting spectra is 

displayed in curve a of Figure 4. Curve b of Figure 4 shows the PL emission measured with 

the sample held at a fixed position during the 10 minute monochromator scan. While both 

spectra exhibit a deep level peak at -3.1 eV, the second scan with the prolonged UV exposure 
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Figure 3. PL emission intensity (@ 3.4 eV) vs. distance along sample: 
(a) After "writing" at two points along the line with He-Cd laser light. 
(b) Three minutes after irradiating the points with He-Ne laser light. 
(c) Six hours after irradiating the points with He-Ne laser light. 

is 30 times less intense than that of curve a. The yellow emission at 2.25 eV was not 

diminished by the prolonged UV exposure. It should be noted that similar deep level emission 

near 3.1 eV has been observed previously from A1N and been attributed to oxygen impurities 

[13]. 
To explain the phenomena we suggest that the effect is related to donor-like states, 

probably due to oxygen. One of these states is the fundamental state near the conduction band 

of GaN. The other, charged metastable state (or states) with their accompanied large lattice 

distortion, can produce nonradiative recombination of excitons [14]. This metastable state can 

be created from the fundamental state by trapping of an electron during the He-Cd laser 

exposure. The "lifetime" of this metastable state seems to be long, retaining its charge for days. 

The increasing of the density of metastable states during He-Cd laser exposure results in the 

reduction of near band edge emission as shown in Fig. 2. We feel more work is needed to have 

a better understanding of not only the fundamental nature of these defect levels, but also the 

role that supposed oxygen impurities and strain have in their creation and their relaxation. 

In conclusion, a long term optical memory effect in GaN epitaxial films having structured, 

grainy surfaces has been observed. This effect has been demonstrated by "writing" at spatially 

resolved points with UV laser energy and then "reading" these points by monitoring a decrease 

in near band edge PL emission compared to the unirradiated area between the points. 

97 



1150" 

850- 

550- 

PÄV 

short (9s) 
exposure time 

after 10 minute 
exposure 

1.5 2.5 
Photon energy (eV) 

3.5 

Figure 4. PL intensity vs. wavelength of an ALE grown A1N film: 
(a) Data taken by translating sample at 1.5 mm/min. under the He-Cd laser 

beam (9 sec. of UV exposure per point). 
(b) "Standard" PL measurement of the same A1N film, where 

the total exposure time was 10 minutes during the scan at a single point on 
the film. 

Subsequent irradiation of written points with red light appears to erase the optical memory 

effect after a sufficient delay. The potential applications of this phenomenon toward optical 

recording of information have been highlighted. 

This work has been supported in part by the Office of Naval Research (ONR), University 

Research Initiative (URL) N00014-92-J-1477. 
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X. Dry Etching of Gallium Nitride 

A. Introduction 

Gallium nitride (GaN) is a wide band gap semiconductor which has applications such as 

short wavelength light emitters and detectors, high-temperature, high-frequency, and high- 

power electronics [1,2]. A crucial step in creating these devices is to etch anisotropic features in 

the GaN. Wet etching has been employed in many semiconductor processes. Thus far, wet 

etching has produced poor results on GaN, such as slow etch rate and isotropic etch profiles 

[3]. Both of these characteristics are undesirable for commercial applications. As technology 

advances, the need for anisotropic etch profiles increases to accommodate a smaller, more 

densely packed network of devices. Dry etching is an attractive alternative to wet etching. 

Varying degrees of anisotropy along with high etch rates can be achieved using different dry 

etch techniques. 
There are four primary dry etch techniques that have been employed on GaN. They are 

reactive ion etching (RIE), electron cyclotron resonance etching (ECR), magnetron enhanced 

reactive ion etching (MIE), and inductively coupled plasma etching (ICP). Out of the four 

techniques, RIE produces the slowest etch rates and lowest degree of anisotropy [4-6]. ECR, 

which has had much attention from Pearton et al. [1,3,7-8], produces significantly better 

results than RIE. MIE, was employed by McLane et al. [2], and produced results comparable 

to that of ECR etching. ICP is the newest addition to the dry etching techniques of GaN. 

Shul [9] has shown that ICP can produce etch characteristics similar to that of ECR. 

This report discusses recent advances in etching GaN with the three techniques of dry 

etching. In the following sections, each of the etching techniques will be discussed and 

compared, along with a discussion of the work on etching GaN and the results to date. 

B. Etching Overview 

As previously stated, each of the three primary dry etch techniques will be discussed. They 

will be presented individually, and then compared at the end of this section. 

Reactive Ion Etching. As the III-V nitride technology advances, the need for commercially 

viable processes is getting more important In this case, a commercially viable etching process 

would be one that produces the fastest controllable etch rate along with etch profiles that are 

suitable for the desired electronic device. RIE is lacking in both of these areas. The reason for 

these shortcomings are the parameters that are involved in the process. RIE is generally 

performed at pressures between 10 and 100 mTorr [4-6]; at these pressures the mean free path 

of the bombarding ions is between 5 and .5 mm, respectively. With mean free paths this small, 

the bombarding ions will hit other ions and scatter. This scattering will result in the ions not 

hitting the GaN surface at 90° angles, resulting in a lesser degree of anisotropy than is usually 
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desired. There are some cases where isotropic etch profiles are desired, but for the most part, 

anisotropic etch profiles are desired. 
Etch rate is another area where RIE has fallen behind the other two methods. Lin et al. [4] 

have reported the highest etch rate to date via RIE of 105 nm/min in a BCI3 plasma. This is 

actually a fairly high etch rate, but at what cost? The parameters were 15 seem BCI3,10 mTorr 

pressure, 150 w RF power, and -600 v dc bias. The etch rate is in part a function of the dc self 

bias and the energy of the bombarding ions is also a function of the dc self bias. As the ion 

energy increases, there is a better the chance of etch induced damage to the surface of the 

material. There have been no etch induced surface damage studies on GaN reported to date. 

Murtagh et al. [10] showed via photoreflectance spectroscopy that the larger the dc self bias, 

the greater the surface damage to GaAs. Even though GaN is a much stronger material than 

GaAs, it could still undergo the same damage as GaAs, just to a lesser extent. 

Electron Cyclotron Resonance Etching . Out of the major types of etching GaN, ECR has 

the most widespread use in the research field. Shul et al. [9] have obtained etch rates of 

900 nm/min in a CI2/H2/ Ar plasma using ECR etching. One of the reasons for the high etch 

rates is that ECR produces a high density plasma, which results in higher etch rates as 

compared to RIE. The plasma in an RIE is everywhere in the chamber between the source and 

ground. In an ECR etching system, the plasma is magnetically confined by permanent magnets 

on the outside of the chamber. 

The potential for surface damage to the material is reduced in an ECR etcher. ECR etching 

uses a microwave source instead of a RF source to produce the plasma, and a separate RF 

source on the substrate to bias the substrate. Since the microwave source produces a high 

density plasma, a lower bias is required to etch the material. With a lower dc bias on the 

substrate, the energies of the ions bombarding the surface of the material are in turn lowered. 

This reduces the risk of producing etch induced surface damage. 

Magnetically Enhanced Reactive Ion Etching. The major difference between RIE and MTE 

is that the plasma is magnetically confined in an MIE etcher. The magnetic field confines the 

plasma around the cathode that the sample is on. This in turn increases the etch rate and lowers 

the dc bias. Along with other things, the dc bias is a function of the surface area of the ground. 

Since the plasma is confined, the surface area of the ground that the plasma is exposed to is 

significantly reduced. McLane et al. [2] have reported etch rates of 350 nm/min using a BCI3 

plasma which is the highest reported to date. 

Inductively Coupled Plasma Etching. A newcomer to etching GaN, ICP has already proven 

to have much potential as the best etching technique for GaN. Etch rates over 7000Ä/min have 

been achieved by Shul [9] using Cl2/H2/Ar chemistries in a commercial ICP system. Like 

ECR, ICP produces a high density plasma and has a separate RF source on the substrate to 

control the dc bias. ICP has some distinct advantages over ECR etching, such as better control 
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of plasma density, higher operating pressures, more economical, and more easily scaled up to 

production. 
The above has been a brief description of the four primary dry etch techniques for GaN. 

The ICP, ECR, and MDB improve upon three major faults of RIE; namely the slow etch rate, 

surface damage, and isotropic etch profiles. Table I is a summary of the 4 different etching 

methods and some typical etching parameters along with the corresponding etch rates. 

Table I. Etch Rate Parameters for Dry Etching of GaN 

Maximum 
Etch Rate 
(nm/min) 

700 

Plasma Gasses 

Cl2/H2/Ar 

Pressure 
(mTorr) 

1 

Power 
(watts) 

750 

DC Bias 
(- volts) 

280 

Reference 

[9] ICP 

900 NM# 1 1000 290 [9] ECR 

285 Cl2/H2/CH4/Ar 2 275 NM# [11] ECR 

110 CI2/H2 1 1000 150 [1] ECR 

110 HI/H2/Ar 1 1000 150 [8] ECR 

90 HBr/H2/Ar 1 1000 150 [8] ECR 

350 BCI3 7 NM# 100 [2]MIE 

105 BCI3 10 150 231 [4] RE 

60 HBr/Ar 50 NM# 350 [6]RTE 

50 SiCWAr 20 NM# 400 [5] RIE 

NM* designates a parameter that was not mentioned in the reference. 

C. Experimental Procedure 

Experimental Apparatus. Figure 1 shows the basic etching setup. It consists of an inductively 

coupled plasma etcher, gas handling/storage, gas scrubber, optical emission spectrometer, laser 

reflectance interferometer, and a residual gas analyzer. The etcher consists of a custom 

designed and built stainless steel chamber with a loadlock, with a water cooled anodized 

aluminum cathode. A 2000w 13.56 MHz power generator and autotuning matching network 

provide power to the inductive source antennae for plasma generation. Pressure in the chamber 

is monitored by an MKS 627A Capacitance Manometer. A Leybold mechanical pump and an 

Alcatel turbomolecular pump maintain the proper level of vacuum required for processing with 

a base pressure of 1E-7 Torr. 
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Figure 1.        ICP schematic diagram. 

Nitrogen Purge 

Choice of Process Gasses. The gasses that the etching system will be capable of using are 

BCI3, CI2, H2, O2, N2, and Ar. Chlorides have proven to be effective gasses to etch GaN 

[1,2,4,8,11]. 
Etching Procedure. Prior to etching, the samples are masked using JSR lOcp photoresist or 

nickel. The thickness of the resist must be greater than 1.5 |im due to erosion of the resist. 

Once patterned, the samples are mounted to an anodized aluminum disk via vacuum grease and 

inserted into the loadlock. When sufficient vacuum is reached, the disk is loaded onto the 

waferchuck in the chamber via a magnetically coupled transfer arm. The waferchuck, which is 

mounted on a z-stage, is then raised into the process zone. Etching is then performed and the 

sample is removed from the chamber. 

The analytical tools that are used to characterize the etch are a profilometer for the step 

height, an SEM for the slope of the step, AFM for the surface roughness, and AES/XPS to 

observe the residual gas species on the sample surface. Schottky contacts are also going to be 

deposited to see how etching affects the barrier height, ideality factor, and leakage current [12]. 

D. Results and Discussion 

The etch selectivity of GaN relative to A1N and AlxGai-xN is of significant interest for the 

fabrication of AlxGai-xN based heterostructure devices. One example is the etch penetration 

through a GaN capping layer to the AlxGai_xN recessed gate in a high electron mobility 

transistor. Etching of the latter material should be minimal. Selective etching was achieved at 
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low DC biases. The selectivity is plotted in Fig. 2 for GaN relative to Al.2sGa.72N and A1N 

over the range of -(20-50 V). The selectivity is the ratio of the etch rate of GaN to the A1N or 

AlxGai-xN. At -50 V, the selectivity between GaN and A1N is 8.5; whereas, it is only 

1.2 between the GaN and Al.28Ga.72N. The greatest selectivities for GaN were found at a bias 

of -20 V, a factor of 38 over A1N and approximately 10 over Al.28Ga.72N. The difference in 

etch rates are consistent with the different bond energies between Ga-N and Al-N, 

8.92 eV/atom and 11.52 eV/atom respectfully. A second factor is the lower volatility of 

AlClx relative to GaClx. Since lower DC biases were used to attain the selective etching, there 

is a tradeoff between the selectivity and the total etch rate. 

The strong dependence of the etch rate on DC bias indicates that ion bombardment plays a 

significant role in the etching of these materials. Ion bombardment can enhance etching via 

damaging the surface to make it more reactive, stimulating desorption of the etch products, and 

direct physical sputtering. The existence of a threshold bias indicates that breaking Ga-N or 

Al-N bonds by ion bombardment may be the rate-limiting step. It is presumed that ion damage 

increases the reactivity of these ordinarily inert materials. The ion-induced damage may be 

necessary to form the volatile GaClx/AlClx etch products. 

E. Future Research 

Optical emission spectroscopy (OES) and mass spectroscopy (MS) studies are underway to 

determine the underlying mechanisms responsible for the etching of GaN. A comprehensive 

etch induced damage study is also underway which will utilize Schottky contacts, TEM, AFM, 

CL, and XPS to quantify the damage. 

40 

35.. > 

.GaN/AIN 

20 25 30 35 40 
DC Bias (-V) 

Figure 2. Selectivity. 
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XI.   Platinum Schottky Contacts on Etched and Unetched n-type 
GaN 

A. Introduction 

In the past few years, there has been a resurgence in the interest of using wide band gap 

nitride based semiconductors for device applications. One of these wide band gap materials is 

GaN, which has a band gap of 3.45 eV. This renewed interest in gallium nitride stems from its 

physical properties such as its excellent thermal and chemical stability. Growth of GaN has 

improved over the years thanks in part to new and improved substrate materials. As a result, 

researchers are studying GaN for device applications in high-temperature electronics, 

optoelectronics, and high-power devices. Device applications mentioned for GaN include blue 

light emitting diodes, blue lasers, detectors, and high-frequency, high-power and high- 

temperature transistors. Accordingly, for such devices to be fabricated and marketed, the 

properties of metal-GaN junctions must be studied. This report summarizes Schottky barrier 

studies on virgin and etched GaN surfaces. 

B. Experimental Procedure 

The GaN used for this experiment was grown on a 6H-SiC substrate using a 1000Ä thick 

A1N buffer layer. The orientation of the SiC was (0001) on-axis. Cree Research, Inc. supplied 

the SiC wafer. Silicon doped GaN film was grown in an OMVPE reactor. Capacitance-voltage 

techniques were used to measure the doping characteristics of the GaN film. The result of 

capacitance-voltage testing indicated an electronic doping level (Nd - Na) of 1E17 cm-3. The 

thickness of the GaN was 2 |j.m and the size of the samples ranged from 1.5 cm by 1.5 cm for 

the unetched GaN to .5 cm by .5 cm for the etched samples. 

The cleaning for all the samples was identical. First, the samples were degreased in acetone 

and methanol for one minute each. They were then placed in a HC1 bath for 15 minutes to 

remove oxides. Following the HC1 bath, the samples were mounted on molybdenum sample 

holders and placed into a UHV transfer line system. The transfer line system connected nine 

different growth and surface characterization chambers. The base pressure of the transfer line 

was 1E-9 Torr. 

Once in the transfer line, the samples were placed in a 5-target e-beam evaporator. Once in 

the e-beam, the samples were thermally desorbed at 700°C for 15. It has been shown that the 

thermal desorption removes the C and most of the O on the surface of the GaN [1]. 

After the thermal desorption of C and O, a lOOOÄ-blanket layer of platinum was deposited 

on the surface of the GaN. The deposition of the Pt occurred while the sample temperature was 

23°C. Following the Pt deposition, a two-step photolithography process was employed to 

fabricate the Schottky diodes. The first step involved spinning photoresist pads covering the Pt 

not to be etched. The extraneous Pt was etched using a mixture of HC1, HNO3 and H2O at 
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85°C with the ratios 8:1:7, respectively. The Pt etch rate of this compound was about 

500Ä/minute. The result was an array of cylindrical Pt pads 1000Ä thick with diameters of 50, 

100, 150 and 200 (im, see Fig. 1. The next processing step involved spinning photoresist to 

form the Al ohmic contacts. The ohmic contacts were rings surrounding individual Pt Schottky 

contact pads. The ohmic contacts were fabricated using a process called liftoff. Photoresist was 

patterned on the GaN/Pt to form annular wells. The GaN surface formed the bottom of the well 

and the sides consisted of the patterned photoresist. Al was then deposited on the GaN and 

photoresist. The photoresist was then removed using acetone. The resulting structure contained 

the Pt Schottky contact pad surrounded by an annulus of Al. The separation distance between 

the Pt and Al ranges from 10 to 30 um, Fig. 1. 

After the fabrication of the contacts, testing of the samples consisted of collecting electrical 

data using current-voltage (I/V) techniques. The data collection was achieved by using a 

computer-controlled Keithley Source Measure Unit Model 236. The unit was connected to the 

devices by using tungsten probe tips. 

C. Results and Discussion 

Most of the I/V data collected can be analyzed using thermionic emission theory to find the 

values of the ideality factor n and the Schottky barrier height (jfy. Current-voltage characteristics 

of a forward biases Schottky diode follow the equation [2], 

7 = /,exp 
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nkT 

1- exp 
kT 
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Figure 1.        Schottky contact pattern. 
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where n is the ideality factor, Is is the saturation current and V is the applied voltage. However, 

if the voltage is greater than 3kT/q (.075 eV), then the equation can be simplified [1], 

The rest of the terms have their usual meanings. The data can be plotted with axes of ln(I) 

vs. V for the forward biased values. For high-quality diodes, the resulting plot should have a 

linear region for low forward voltages [2]. 

This linear region should span many decades on a semilog plot. By curve fitting this linear 

region, the ideality factor can be calculated from the simplified equation above. The barrier 

height (j>b can then be determined by using the following equation, 

I =AA*T2exJ^!L 
FV kT 

where A* is the Richardson constant for GaN, A is the area of the contact, and T is the 
* -2    -2 

temperature and k is Boltzmann's constant. A reported value for A  is 26.4 A cm   K    [3]. 

The calculated value of fa from the above equation includes the image force lowering of the 

barrier. 
For the unetched GaN, the calculated barrier height and ideality factor for different-sized Pt 

contacts are displayed in Table I. For each of the contact sizes, 10 devices were tested with the 

average results tabulated in Table I. The 50 and 100 |im diameter contacts appeared to have 

high barrier heights and low ideality factors. These devices were also the most consistent. Out 

of the ten devices tested, all but one device displayed rectifying behavior. The In (I) vs. V plot 

displayed linear regions that spanned 5 to 6 decades, see Fig. 2. This behavior was consistent 

for all of the rectifying contacts. The reverse bias leakage currents for all of the working 

contacts tested were less than -InA, see Fig. 3. The divergence of the ideality factors from 

unity is most likely due to recombination in the depletion region [2]. The breakdown for these 

contacts can be seen in Fig. 4. 

Table I. Electrical Characteristics of Pt Schottky Contacts on N-type GaN 

<K (eV) 
Ideality Factor n 
Leakage Current 
at-10V(A) 

50 |im dia 
contacts 

1.09 
1.13 

<-lxl0"y 

100 \im dia          150 |im dia        200 |^m dia 
contacts               contacts             contacts 

1.01                    0.92                    .8 
1.13 Q                 1.5 0                  1.9 . 

<-lxl0"y          < -1x10, to          -6XKT 
-lxlO"3 
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Figure 2. Forward bias voltage characteristics for a 50 |im contact. 
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For the 150 |im contacts, half the contacts tested could be considered good Schottky 

contacts. They displayed good ideality factors, low leakage currents and high barrier heights, 

similar to those values for the smaller contacts. However, half the contacts were bad rectifiers. 

These contacts had higher ideality factor, low barrier heights and were very leaky in the reverse 

bias region. Meanwhile for the 200 (im contacts, all of the devices tested could be considered 
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bad Schottky contacts, see Fig. 5. These were extremely leaky with high ideality factors and 

very low barrier heights. The non-ideal behavior of the larger contacts might be attributed to the 

high defect density in GaN. It is believed that the defect density of the GaN played a role in the 

behavior of these contacts. 
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Figure 4. Breakdown of a 100 }im contact. 
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There were two etched GaN samples used in this study. One of the samples was etched at 

low power. The etching parameters for this sample were 200W ICP power, 75V DC bias, 

system pressure of 5 mTorr and etch time of 90 sec. The other sample was etched at high 

power. Parameters for this sample are the same as the low power sample with the exception of 

the ICP power, which was set to 500W. The size of the contacts fabricated on these samples 

were 100 |im diameter Pt contacts surrounded by Al annular rings. The separation distances 

between Pt and Al were 10 to 30 (im. These contacts are identical to those used on the unetched 

GaN. Having contacts of only 100 [im diameter was based on the size of the samples. 

The Schottky diodes fabricated on the low etch power sample displayed characteristics 

similar to that of the unetched sample. The average barrier height was around 1.0 eV and the 

average ideality factor was 1.1. The forward bias characteristics of these diodes are shown in 

Fig. 6. From the forward bias characteristics, the current was linear on a semilog scale 

spanning about 7 decades. The reverse current at -10V bias was less than -InA, which was 

seen with the unetched material, see Fig. 7. These diodes broke down at lower reverse biases 

than the unetched material. For the etched GaN, avalanche breakdown was reached at -45V 

compared to -80V breakdown for the unetched GaN. 

For the high-power etched material, the barrier heights and the ideality factors mirrored that 

of the 150 to 200 |im diameter contacts. The barrier heights were low, 0.8 eV, and the ideality 
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0.002 - 

0.0015 - 

< 0.001 - 

• 
3 

° 0.0005 

0 

. , , i ... i ... i ... i ,,, i ... i ,, , 

■0.0005 
-10 -4 -2 

Voltage (V) 

Figure 7.        Forward and reverse bias for low power etched GaN. 

factors were greater than 1.5. The leakage currents for these devices at -10V reverse bias were 

in the |iA-mA range. Avalanche breakdown occurred between -20 to -25V for these diodes. 

The high-power etch seems to create electrically active surface defects that effect the rectifying 

behavior of the Pt on GaN. More experiments are planned to look at the effect of etch power on 

the rectifying properties of Pt on GaN. 

D. Conclusion 

Platinum Schottky contacts on unetched and etched GaN were investigated. There was 

virtually no difference between the Schottky barrier height of low power etched and unetched 

GaN contacts. The reverse bias currents, however, appeared to be different. The diodes on the 

unetched material broke down at higher reverse biases than the low power etched material. As 

for the high-power etched material, these diodes did not display optimal behavior for reverse or 

forward bias. These contacts were leaky with low barrier height and high ideality factors. More 

detailed experiments are planned to study in depth the effect of etching in the surface 

characteristics of GaN. 
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ABSTRACT 

Doping properties of substitutional C, Si, and Ge impurities in hexagonal GaN 
and A1N were studied by quantum molecular dynamics. Si and Ge are effective- 
mass donors, and C is an effective-mass acceptor. However, under certain con- 
ditions of growth, doping efficiency of these impurities is severely limited by 
self-compensation and formation of nearest-neighbor pairs. 

1. Introduction 

Wide band-gap nitrides are of considerable interest due to possible applications 
in blue/UV light-emitting diodes and lasers.1'2 To exploit fully the potential of these 
materials, understanding and control of doping needs to be achieved. In the present 
work we study substitutional group-IV impurities (X=C, Si, and Ge) in wurtzite GaN 
and A1N. We have recently shown that CN is a promising effective-mass acceptor in 
GaN, and somewhat deeper in A1N, while CN is an effective-mass donor in GaN, and a 
deep one in A1N.3 Si and Ge on the cation site are effective-mass donors, but are deep 
acceptors (with energy levels at about 1.3 eV above the valence band top) in both 
GaN and A1N.4 However, the doping efficiency of Si and Ge in A1N is quenched due 
to the stability of DX- states.4 Here, we focus on the problem of self-compensation 
by the dopant itself, i.e., its simultaneous incorporation on both the cation and an- 
ion sublattices. This may severely limit its doping efficiency. The tendency towards 
self-compensation may be further increased by the formation of donor-acceptor pairs, 
studied in the last part of this paper. The calculations were performed using quan- 
tum molecular dynamics,5 with atoms moving according to Newton equations.6 Soft 
pseudopotentials for N and C were used,7 which allowed for a relatively low plane 
wave cutoff of 30 Ry. The pseudopotential of Ge was generated according to Ref. 7. 
Large supercells, corresponding to 72 atoms in the perfect crystal, were used. Other 
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details may be found in Ref. 3. 

2. Formation energies and compensation effects 

The concentration of an impurity at thermodynamic equilibrium is given by 

[cone] = NsiteSexp{Sf0rm/kB - Eform/kBT), (1) 

where NSites is the concentration of atomic sites and Sform is its formation entropy, 
which typically assumes a value of about 6 kB- The formation energy of, e.g., Si in 
GaN in the charge state q is9 

Eform(q) = Etot(q) - nGa^Ga ~ «N^N ~ ßSi + qEF, (2) 

where Etot is the total energy of the supercell with the impurity, naa and n^ are the 
numbers of Ga and N atoms in the supercell, \i is the chemical potential, and Ep is 
the Fermi energy. The chemical potentials depend on the source of atoms involved in 
the process, and therefore on the actual experimental situation. The highest possible 
concentration of a given dopant is obtained for its lowest formation energy, i.e., for 
the highest chemical potential of the source of dopant atoms. For C doping, we have 
assumed that the source is an elemental solid, i.e., diamond. For Si and Ge doping, 
we have also taken into account the possible formation of S13N4 and Ge3N4 alloys. 

Table 1. Calculated formation energies (in eV) for cation-rich and N-rich conditions. 

dopant cation-rich N-rich 
GaN 

GGO, 5.7 4.0 
CJV 1.1 2.8 
SiGa 1.6 2.0 
Si* 4.4 7.0 

GeGa 1.6 1.8 
Gejv 3.1 5.5 

A1N 

CAI 5.2 1.9 
CN 0.4 3.7 

SMI 2.7 2.0 
SiiST 5.1 11.0 
GeAi 3.4. 1.4 
GeN 4.1 8.7 

The calculated formation energies are given in Table l.10 They were obtained using 
experimental heats of formations of the considered compounds. As follows from the 
Table, C is preferentially incorporated on the anion sublattice, while both Si and Ge 
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substitute for cations. These results are simply explained by the presence of excess 
strain energy when the mismatch between the host and the impurity atom is large. 

The values quoted in Table 1 are for neutral impurities. Formation energies of 
charged impurities may be reduced by electron transfer to/from the Fermi level ac- 
cording to Eq. (2). Since the energy gain may be of the order of the band gap (equal 
to 3.5 eV for GaN, and 6.5 eV for A1N), electron transfer effects may overcome the 
strain-driven preference of the impurity to substitute for the component of the similar 
size. Consequently, the self-compensation of the dopant by itself becomes possible, 
depending on the conditions of growth. 

As it follows from Table 1, for Si and Ge doping under N-rich conditions, the 
difference of formation energies between X# and Xcation exceeds the value of the band 
gap. Thus, in this limit, the strain-driven effects are dominant, the concentration of 
Xcation is always higher than that of X^r, and the self-compensation is negligible. These 
growth conditions should lead to the highest efficiencies of n-type doping with Si and 
Ge. Analogous arguments hold for doping of GaN with carbon, which under cation- 
rich conditions is a non-self-compensated acceptor. However, under the opposite 
conditions of growth, i.e., in the cation-rich limit for Si and Ge, and N-rich limit for 
C, self-compensation may play a dominant role. In all the considered cases, with the 
exception of GaN:Si, a value of the Fermi level exists for which Ef^^X^^) is equal 
to Eformfäx), and strong self-compensation effects are likely. 

3. Formation of NN donor-acceptor pairs 

The self-compensation can be further increased by the formation of donor-acceptor 
nearest-neighbor (NN) pairs. The concentration of NN pairs is given by Eq. (1), with 
Nsites in the low solubility limit being four times bigger than that for point defects, 
and the formation energy is 

Eform(XX) = #/orm (Nation) + Eform(XN) + Epair, (3) 

where Epair is the binding energy of the pair, relative to ionized distant X+tion and X^. 
According to our results, the coupling between a second-neighbor, or a more distant 
pair is essentially the Coulomb interaction between two point charges embedded in a 
medium with the appropriate dielectric constant. However, the coupling of a NN pair 
deviates from the purely Coulombic character. The additional short-range interaction 
is Esr = EpaiT - ß«i where Eg^ is the Coulomb energy of pair of point charges 
separated by the theoretical NN distance. 

The calculated pairing energies Epair are about 1 eV, see Table 2. This is higher 
than the Si-Si binding in GaAs,11'12 due to a smaller NN distance and a smaller 
dielectric constant. The additional short-range coupling ranges from -0.15 eV for a 
Si-Si pair in GaN to -0.65 eV for a Ge-Ge pair in A1N (which is 50 % of the binding 
energy). 

115 



The concentration of NN pairs may be estimated based on the results from Tables 
1 and 2 and the energy levels of impurities. The pairing of C is negligible in GaN, 
but can be important in A1N. For Si in both GaN and A1N, the concentration of NN 
pairs is much smaller than [Si^tem] independently of the conditions of growth. For 
Ge in GaN, the pair concentration may be close to [Geca] in the cation-rich limit, but 
is negligible in the N-rich limit. In A1N, the concentration of Ge-Ge pairs is close to 
that of isolated Ge independently of the growth conditions. 

This work was supported in part by Grants KBN 2-P03B-178-10, NSF DMR 
9408437, and ONR N00014-92-J-1477. 
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Table 2. Binding energies Epair and short-range interaction energies E, 
for nearest-neighbor pairs. 

Epair (eV) Esr (eV) 
GaN 

C-C 
Si-Si 

Ge-Ge 

-1.1 
-0.8 
-1.1 

-0.2 
-0.15 
-0.4 

A1N 
C-C 
Si-Si 

Ge-Ge 

-1.3 
-0.9 
-1.3 

-0.4 
-0.2 
-0.65 
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XIII.   Ion Implantation of N- and P-type Dopants Into GaN 

A. Introduction 
The control of the electrical properties of the III-V nitride semiconductors is a major 

obstacle in the development of these materials for use in optoelectronic and microelectronic 

devices. To date, the majority of the research has been concentrated on the growth of the 

material with the desired properties, while very little research has been performed on post 

growth processing to achieve the desired electrical properties. One post growth processing 

method that is widely used in the semiconductor industry but that has gotten little attention 

concerning the III-V nitrides is ion implantation. Ion implantation is a convenient method to 

incorporate electrically active dopants into the host crystal, post growth, using a highly 

energetic beam of ions that strike and penetrate into the crystal. This method allows for a 

precisely controlled amount of impurity to be introduced into the crystal independent of the 

solubility of the impurity. The major drawback of this method is the enormous amount of 

damage that is induced on the host crystal due to the kinetic energy of the impinging ions. 

The most comprehensive study of ion implantation in the nitrides is the historic work of 

Pankove and Hutchby [1,2]. In this article, 35 ion species were implanted into gallium nitride 

and the photoluminescence was reported. It was found that Mg, P, Zn, Cd, Ca, As, Hg, and 

Ag were the only ion species that gave a characteristic photoluminescence signature with Zn 

being the most efficient radiative center. The other ions all showed a broad peak around 

2.15 eV which is thought to be implantation induced and a peak around 1.75 eV which is 

believed to be due to the annealing treatment as it was seen in the control sample after 

annealing. Wilson et al. performed a more recent study of Er-implanted GaN and A1N [3]. The 

Er3+ was coimplanted with oxygen and showed optically excited 1.54-micron luminescence. In 

both these studies, data on the electrical behavior of the material was not given. 

Wilson et al. in another study, implanted several key elements for the purpose of studying 

the distribution of the implanted species in the nitride films [4]. The ions implanted were Be, 

C, Mg, Zn, Si, S, Ge, and Se. Wilson et al. found that in most cases the distribution followed 

a Gaussian behavior. Also Wilson et al. studied the redistribution of the implanted species in 

the films with a post implantation anneal. It was found that even with anneals up to 900°C, the 

distribution of the implanted species did not change except for S which started to redistribute 

above 600°C and for Zn and Se which redistributed above 800°C. Again, data on the electrical 

behavior of the material was not given. 

Very little work has been presented on the electrical characterization of the implanted layers. 

Rubin et al. were the first to show, by hot-probe tests, P-type material upon implantation of 

Mg into intrinsic GaN. This was the first paper to deal with the electrical behavior of the 

implanted films. The film had a resistivity of 4 ft/cm [5]. Binari et al. reported on the 
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implantation of H, He, and N to produce semi-insulating GaN. The He implant produced films 

with as-implanted resistivities as high a 1010Q-cm. This implanted material remained highly 

resistive after annealing up to 800°C. N also produced resistive GaN, after an anneal at 400°C. 

H samples were highly resistive upon implantation but after an anneal at 300°C, the resistivity 

dropped to less then 10 fi-cm [6]. Pearton et al. performed a detail study of the electrical 

behavior of implanted GaN. In this study, activation of both an n- and p-type dopant were 

achieved. Si+ was implanted for n-type while Mg+/P+ was implanted for p-type. The dopants 

became activated, 93% for Si and 62% for Mg, after an anneal at ~ 1100°C [7]. This shows 

that post growth processing of the GaN can be used to achieve the desired electrical properties 

for the material. 

B. Experimental Procedure 

Gallium nitride was grown by MOCVD on oc-SiC substrates. Several ions were 

investigated for ion implantation and electrical activation in the GaN films and included Si, Mg 

and Ca/P. The ions were Si, for N-type; Mg, for P-type; and Ca/P for P-Type. The energies, 

doses, and temperature of the implants are shown in Tables I and II. 

Table! Implantation at Oak Ridge 

Ion 
(Species, Mass) 

Energy 
(keV) 

Dose 
(cm-2) 

Implant Temp. 
(°Q 

Si,29 160 lel4 RT 

Si,29 160 5el4 RT 

Si,29 160 lel5 RT 

Si,29 160 lel4 500 

Si,29 160 5el4 500 

Si,29 160 lel5 500 

Mg,24 120 5el4 RT 

Mg,24 120 lel4 500 

Mg,24 120 5el4 500 

Mg,24 120 lel5 500 

Ca,20/P,15 180/130 5el4 RT 

Ca,20/P,15 180/130 5el4 550 

Ca,20/P,15 180/130 lel5 550 

Ca,20/P,15 180/130 4el5 550 
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Table n. Implantation at Kroko 

Ion 
(Species, Mass) 

Energy 
(keV) 

Dose 
(cm-2) 

Implant Temp 
(°Q 

Si,29 200 lel4 RT 

Si,29 200 lel5 RT 

Si,29 200 lel4 650 

Si,29 200 lel5 650 

Capacitance-voltage measurements, Hall measurements, Rutherford backscattering 

spectrometry/channeling (RBS/C), secondary ion mass spectrometry (SIMS), and photo- 

luminescence (PL) were performed on the samples after the implantation. The samples were 

then annealed at 900°C, 1100°C, and 1200°C and characterized again using C-V measurements, 

Hall measurements, PL and RBS/C. The Oak Ridge implanted samples were annealed in an 

RTA furnace under flowing N2 at atmospheric pressure while the Kroko implanted samples 

were annealed in a SiC-resistance heated boat in a vacuum system that was pumped down to 

lO"5 Torr then backfilled with N2 to atmospheric pressure. The cross-sectional TEM samples 

were made after implantation by cutting two pieces of the specimen and gluing them together 

face to face. Two Si support pieces were also glued to the outside of the specimen sandwich. 

The sample was then ground down, polished, dimpled, and ion milled as described in [8] to 

get a proper TEM sample. The specimens were then imaged using a TOPCON EM0002B 

electron microscope and a Philips CM200 FEG. 

C. Results and Discussion 

The electrical characterization, performed by C-V measurements and Hall measurements, 

showed that activation of the species was not achieved as implanted. The samples were too 

resistive to measure in the as-implanted state. This result was expected as Pearton, et al. had to 

anneal the implanted species greater then 1050°C in order to achieve activation [7]. 

As seen in Fig. 1, the depth of the peak Si concentration, determined by SIMS, in the 

implanted samples was around 1600Ä. This is approximately the same as was predicted by 

TRIM simulations which predicted a peak at 1639Ä. The Si profile was approximately 

Gaussian near the peak in the concentration. However, the implanted samples exhibited a "tail" 

in the profile as compared to the TRIM profiles which were strictly Gaussian. The peak Si 

concentration was lower than was predicted by the TRIM Gaussian profile. 
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Figure 2 shows that the Si and Mg implantation exhibited no damage, seen by RBS/C, as 

compared to a virgin GaN sample. This was unexpected as the high doses (lel5 cm-2) would 

have caused considerable damage in other semiconductor materials (i.e. Si and GaAs). 

For the Ca/P ions, small damage was seen after implantation with the largest damage being 

present in the samples with the largest dose of 4el5 cm"2, as is seen in Fig. 3. Damage was 

expected at this dose level. However, the relative amount of damage in this material is much 

lower then in other semiconductor materials. No amorphization was seen by RBS/C, even at 

the high dose levels. 

0.6 0.8 
Depth (|im) 

Figure 1.        SIMS of Si samples implanted at 200 keV at various temperatures and doses. 

.50% of Random 

- SI DOK 1EU ,T«550C as-Implanted 

■ Si DOK 5E14. T*5S0C. as-lmplinled 

-Si DoKlE13.Ts550C as-Implanted 

- Mg , DOK Iel4 .T-550C as-implanted 

- Mg , Dose 5EI4. T=550C as-implanted 

- Mg. Dose 1EI5 . T-330C as-implanted 

- Aligned Virgin 

400 

Figure 2.        RBS/C of Si and Mg samples implanted at 550°C at various doses. 
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Figure 3. RBS/C of Ca/P samples implanted at 550°C at various doses. 

The PL spectra showed that no emission was detected from the implanted regions of the 

samples even at the lowest dose. This was in contrast to the band edge emission that was 

observed on the same samples in the regions that were not implanted due to the clip used to 

mount the samples in the implanter. This implies that enough damage occurred to put a large 

density of optical states in the band gap that when excited, did not give of photons. The PL 

results imply damage which is contrary to the RBS/C results. 

All cross-sectional TEM images were taken in a [l 120J orientation. Figure 4 shows a 

cross-sectional TEM image of GaN implanted with Mg at 550°C at a dose of lel5 cnr2. As can 

be seen, there is a distinctly damaged area near the top surface of the film which is -275 nm 

thick. 

Figure 5 shows an enlarged image of this damage layer where the damage can be seen 

clearly. Figure 6 shows a cross-sectional TEM image of GaN implanted with Si at 550°C. 

There is a damaged area near the top surface of the film which is -295 nm thick. Again the 

damaged area can be seen clearly and can be distinguished from the undamaged area. 

Figures 7 and 8 show high resolution TEM (HRTEM) images of GaN implanted with Mg 

at 550°C. Figure 7 is from an undamaged region of the GaN film while Fig. 8 is from a region 

of the GaN damaged by the implantation process. The arrows in Fig. 8 indicate areas of 

potential damage. 

The arrows point to areas of possible implantation damage. The exact nature of the damage, 

however, could not be determined using HRTEM. The damage can clearly be seen in low 

resolution TEM images but upon raising the magnification, the damage is no longer 

distinguishable. 
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Figure 4. Mg implanted GaN film. The implant damage layer is -275 nm thick. 

*S" 

Figure 5.        TEM image of damaged layer in a Mg implanted GaN film. 
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Figure 6. GaN film implanted with Si at 550°C. 

Figure 7.        HRTEM of undamaged GaN layer. 

123 



Figure 8. HRTEM of damaged region in Mg implanted GaN. 

The implantation damage area observed in Figs. 4, 5, and 6 was similar to damage 

observed in ion-implanted silicon [9,10,11]. The implantation process damaged the top surface 

of the GaN film at both RT and 550°C, but a completely amorphous region was not formed. 

This result indicates that the implantation dose was not high enough to cause complete 

amorphization of the implanted region [9], but was high enough to either cause small "packets" 

of amorphous regions in the damaged layer or form point defects (vacancies and interstitials) in 

the damaged region. The TEM images showed a damaged area at the surface of the implanted 

sample. This result does not correlate well with RBS/C. 

Upon annealing the samples to 900°C for 60 sec, no electrical activation of the species was 

seen for Si or Mg. The PL spectrum did not show emission from the implanted regions of the 

samples. A 30 second 1100°C RTA anneal was performed on the Oak Ridge implanted 

samples. These samples were annealed in a face-to-face orientation with a virgin GaN sample 

in flowing N2 at atmospheric pressure. The surface of the samples degraded at this 

temperature, possibly due to the escape of N from the surface region of the samples or due to 

oxidation of the surface of the GaN. No electrical characterization was possible due to the 

surface degradation. The degradation was also apparent in RBS/C as the surface of the samples 

became more "damaged" after annealing at 1100°C. In order to remedy this situation, an 
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annealing furnace was used that was equipped with a SiC resistive heating boat. This furnace 

had the ability to be pumped down to the 10"5 Torr range and backfilled with various gases. 

The samples implanted at Kroko were annealed in this furnace at 1100°C and 1200°C for 

15 seconds. These samples did not show the same degradation as was observed in the samples 

annealed in the RTA. The samples annealed in the annealing furnace were then tested using 

Hall measurements. The results can be seen in Tables El and IV. 

Table m. 1100°C Anneal 

Si29,200 keV lel4 , RT 
Si29, 200 keV lel5, RT 
Si29,200keVlel4,650°C 
Si29,200keVlel5,650°C 

Sheet Carriers 

6.88ell 
1.436ell 
1.5el2 

N/A 

Mobility 

367.47 
260.87 
232.51 

N/A 

Percent Activation 

.688 
.1436 

.15 
N/A 

Table IV. 1200°C Anneal 

Si29, 200 keV lel4, RT 
Si29,200 keV lel5, RT 
Si29,200keVlel4,650°C 
Si29,200keVlel5,650°C 

Sheet Carriers 

5.4el0 
N/A 

6.5el0 
3.99el0 

Mobility 

321 
N/A 

398.56 
269.8 

Percent Activation 

.054 
N/A 

.0065 
.004 

The highest activation percent was seen in the 1100°C anneal sample with .688 % for the lel4 

dose and .15% for the ledl5 dose. 

Also, an initial annealing experiment for the Mg implanted samples was done in an attempt 

to determine the exact nature of the implantation damage. One sample was annealed at 700°C 

for one minute in a RTA furnace. Another sample was annealed at 900°C for one minute. It 

was hoped that this annealing would reveal the nature of the implantation damage. If the 

damage was point defects, one should see a coarsening effect upon annealing. If the damage 

was amorphous regions, annealing should cause a gradual decrease in the damaged area as the 

annealing temperature is increased. Figures 9 and 10 show TEM images taken from these 

annealed samples. As seen in the images, annealing appears to not have affected the damaged 

regions at all. A more extensive annealing experiment needs to be conducted. 
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Figure 9. Mg implanted GaN sample annealed at 700°C for one minute. 

Figure 10.       Mg implanted GaN sample annealed at 900°C for one minute. 

D. Future Research Plans and Goals 

The goal of the implantation is to achieve activation, thus the samples need to be annealed 

to activate the implanted species as was seen by Pearton, et al. An annealing schedule needs to 

be found that does not damage the surface of the samples and leads to a high enough activation 

percent. The samples may need to be annealed at higher temperatures in order to raise the 

percent activation. If the samples are annealed at higher temperatures, then they may need to be 
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capped in order to keep the surface from degrading during the anneal. This will be investigated 

using A1N or SI3N4 as a capping layer. 

In order to determine the exact nature of the implantation damage, a series of annealing 

experiments is planned. By annealing a series of the implanted samples of GaN at 

progressively increasing temperatures and observing the microstructure using cross-sectional 

TEM, the exact nature of the damage should be revealed. If the damage is in small packets of 

amorphous regions, the TEM images from the annealed samples should show a gradual 

decrease in the damaged area as the annealing temperature rises. If the damage is in point 

defects, the TEM images from the annealed samples should show the formation of vacancy 

clusters and loops which should anneal out as the annealing temperature increases. 
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XIV. Multicolor Emission from Stacked AlGaN/InGaN Double 
Heterostructures 

Abstract 

InGaN ternary alloys can be the basis for light emission from the near UV to the red region 

of the electromagnetic spectrum. When InGaN/AlGaN double heterostructures emitting 

different colors are stacked in a single structure, simultaneous emission of different 

wavelengths can be achieved. If the color and the intensity of emission for each well are 

adjusted properly, tailored emission spectra, including white light, will be feasible. This 

concept is demonstrated here with two wells emitting at different wavelengths that are stacked 

between AlGaN barrier layers. The emitted PL spectra from the stacked structures is found to 

be the superposition of the emission from individual double heterostructures that were grown 

separately. The proposed structure can allow the demonstration of a solid state white light bulb. 

The AlGalnN material system has the unique property of having a direct band gap that can 

theoretically be engineered from the far edge of the mid-ultraviolet (Ä-A1N = ~203 nm) through 

nearly the entire visible spectrum (A,inN = ~652 nm) [1]. The wide spectral range offered by 

ffl-nitride based compounds provides the rare opportunity to fabricate optical devices emitting 

from the violet through red from a single semiconductor alloy system. In the past several years, 

dramatic advances in the epitaxial growth, doping and processing of the Hi-nitride alloys have 

led to the development of commercially available high brightness blue and green light emitting 

diodes (LEDs) [2] and the realization of violet/blue emitting laser diodes (LDs) [3]. In 

particular, InxGai.xN alloys have received considerable attention as active layers in LEDs and 

LDs, with the emission wavelength being determined primarily by the value of x. While the 

emission mechanism from InxGai_xN films with relatively high values of x is still being 

debated [4], there have been reports of InGaN based optical devices with InGaN active layers 

having high InN% emitting in the yellow region of the visible spectrum [2]. 

To date, optical devices based on the ffl-nitride materials system are designed to emit one 

color. There are many applications, however, where several colors, or even white light may be 

desired from a single device. By combining photons of three primary colors or two 

complementary colors, various shades of white light will be sensed by the human eye. The 

relative intensities of the various photon fluxes will determine the perceived color, as illustrated 

by the CIE (Commission Internationale de l'Eclairage) chromaticity diagram [5]. Examples of 

prototype white light emitting structures utilizing stacked layers of other materials systems, 

such as SrS:Ce/CaS:Eu [6] and organic polymers [7,8] have been reported. A myriad of 

applications exist for multicolor emitters, including full color indoor/outdoor displays and 

Submitted for publication in Applied Physics Letters. 
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spectrally tailored white light sources that are bright, compact, light weight, long lived, and 

efficient. The potential demand for a solid state white light source as a viable replacement for 

conventional incandescent or fluorescent light bulbs is by itself enormous. This section 

discusses the concept and present preliminary results of a device structure designed for 

multicolor emission that is based on stacked AlyGai-yN/InxGai-xN double heterostructures 

(DHs). By changing the growth conditions of the InxGai-xN active layers in this stacked 

structure, two distinct colors are emitted, one color from each active layer, as observed in room 

temperature (RT) photoluminescence (PL) spectra. The colors emitted from each active layer in 

the stacked structure correspond to the colors emitted from conventional DHs having 

IrixGai-xN active layers grown under the same conditions as those of the stacked structure. 

Epitaxial growth of these InxGai-xN and AlyGai-yN layers was carried out by metalorganic 

chemical vapor deposition (MOCVD) in a hybrid atomic layer epitaxy (ALE) / MOCVD growth 

system that has been previously described [9]. Source gases used were, trimethylgallium 

(TMG, -10 °C), trimethylaluminum (TMA, +18 °C), ethyldimethyUndium (EdMIn, +10°C) and 

NH3; N2 was used as the carrier gas. Basal plane sapphire substrates were solvent cleaned and 

annealed at 1050 °C prior to epitaxial growth, followed by deposition of a low temperature 

buffer layer prior to growth of the stacked structure. A schematic of the complete stacked DH is 

shown in Fig. 1. Growth of the AIN/GaN buffer layer was performed at 500°C, followed by a 

5 minute 1000 °C anneal and the growth of a thin (-800 ==) GaN base layer. The AlGaN 

(-7-10% A1N) cladding layers were grown at 950 °C and have approximate thicknesses, 

beginning with the lower most layer, of 8000 ~, 2000 ~ and 1500 = respectively. All layer 

thicknesses have been estimated based on prior growth rate calibrations. Individual DHs, 

consisting of one InxGai_xN active layer sandwiched between two AlGaN cladding layers, 

were also grown for comparison to the stacked DH characteristics. 

The InGaN active layers, deposited at temperatures between 730 and 800°C, had growth 

times between 2 and 5 minutes. Both conventional MOCVD and flow modulation MOCVD, in 

which the organometallic precursors are pulsed into the growth chamber for various duty 

cycles, were used to grow the active layers. The details of the growth processes of the InGaN 

films will be published at a later date. The active layers were deposited on InGaN prelayers 

whose growth temperatures were ramped during growth from 820-790°C down to the active 

layer growth temperature between 800-730°C. The InGaN prelayers are believed to provide a 

graded InGaN buffer that seems to improve the optical properties of the active layer. We find 

that the graded layer is not critical for low InN% in the well, but highly desirable for high 

values of InN% in DHs emitting at wavelengths > ~400 nm. 

For purposes of comparison to the stacked DHs, a sequence of four individual DHs were 

grown with InGaN active layers deposited at temperatures of 730, 750, 780 and 800°C, 
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Figure 1. Schematic diagram of the stacked double heterostructure. 

respectively. The PL emission peak for each DH was measured over the entire sample, and the 

range of PL emission is given in Fig. 2, plotted against the growth temperature of the InGaN 

active layer. The emission wavelength shifted from the violet to the yellow/green as the growth 

temperature of the active layer was decreased from 800 to 730°C. The PL emission peak, while 

falling within a reasonable range to study subsequent stacked structures, was not completely 
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Figure 2. Range of peak position of PL emission from individual DHs vs. growth 
temperature of the InGaN active layer. 

uniform over each sample. The growth reactor used in this study was optimized for the ALE 

growth of InGaN and, therefore, suffered some deficiencies in achieving optimal MOCVD 

growth conditions, such as nonoptimized gas dynamics at the substrate during growth. 

Rainbow-like interference fringes on our nitride films indicate some degree of thickness and 

perhaps compositional nonuniformity, especially for the In-based nitride layers with high 

InN%. Atomic layer epitaxy grown InGaN films have better emission and thickness uniformity 

than those grown by MOCVD, however the ALE growth technique was not applied in this 

study because of difficulty in achieving emission with longer wavelengths required for this 

proposed structure. 

Several stacked DHs were grown with growth conditions of the upper (i.e., closer to the 

surface) and lower (i.e., closer to the substrate) InGaN active layers corresponding to the 

individual DHs whose peak emissions are given in Figure 2. Figure 3a exhibits the PL spectra 

for a stacked DH having the lower InGaN active layer grown at 750°C and the upper InGaN 

active layer grown at 800°C. The two prominent emission peaks at 391 and 436 nm, shown in 

Figure 3a, match the emissions of the individual DHs with InGaN active layers grown at 750 

and 800°C respectively and shown in Fig. 2. Figure 3b illustrates the PL emission from 

another stacked DH that has the lower InGaN active layer grown at 780°C and the upper 

InGaN active layer grown at 730°C. The two prominent emission peaks at 434 and 500 nm 

shown in this figure are also within the range of the emission corresponding to individual DHs 

grown with InGaN active layers at 780 and 730°C, respectively. In each of these spectra a 
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Figure 3. RT PL spectra of stacked DHs with upper and lower InGaN active layers 
grown at (a) 800 and 750°C, respectively and (b) 730 and 780°C, respectively. 

weak, near band edge GaN emission exists that apparently originates from the relatively thin 

GaN layer near the interface. The sharp, intense emission positioned just beyond 600 nm is 

attributed to an artifact of our PL system. 

The RT PL spectra exhibited by these stacked DHs demonstrated that InGaN active layers 

grown under different conditions and with apparently different InN% mole fractions could 

contribute to multicolor emission. It should be possible to integrate three stacked InGaN active 

layers, each with a controlled InN% mole fraction, to realize a spectrally tailored emission 
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spectra, including white light. From these preliminary results, it appeared that the emission 

from the lower active layer was not too severely attenuated by the overlying layers, as shown 

in Fig. 3b, even if its emission wavelength is of higher energy than the band gap of the 

overlying layers. PL measurements taken from backside illumination of the structure 

corresponding to Fig. 3a show similar spectral peak placements but with different intensities. 

For PL measurements taken with backside illumination, the intensity of the near band edge 

GaN emission becomes more dominant, with the multicolor emission intensity reduced. 

Eventually two InGaN based DHs, emitting for example at 450 and 580 nm with appropriate 

intensities, could offer the realization of a semiconductor white light bulb. 

In conclusion, several novel stacked AlGaN/InGaN DHs were epitaxially grown on a 

sapphire substrate. The room temperature PL spectra from these structures exhibited two-color 

emission at 391/436 nm and 434/500 nm. These emission wavelengths matched the emission 

wavelengths of conventional DHs with active layers grown under the same conditions as those 

that comprised the stacked DH. This demonstrated the potential for the realization of multicolor 

optical devices based on m-nitride stacked DHs. Further work is needed to expand the range 

of multiple color emission, especially toward the red range of the visible spectrum, so that 

colors may be mixed to obtain white light emitters. Further refinements in the growth process 

also need to be made to obtain stacked structures that have a higher degree of uniformity. 

This work has been supported by the Office of Naval Research (ONR), University 

Research Initiative (URI), grant number: N00014-92-J-1477, and the Army Research Office 

(ARO) /Advanced Research Projects Agency (ARPA), grant number: DAAH04-96-1-0173. 
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XV. III-V Nitrides for Use in Semiconductor Microelectronic 
Device Applications 

A. Introduction 

With their distinct combination of physical and electronic properties, the III-V nitrides are 

promising materials for optoelectronic and microelectronic applications. A1N, GaN, and InN 

have direct band gaps of 6.2, 3.2, and 1.9eV, respectively. In conjunction with their 

continuous solid solubility, one has the ability to engineer band gaps within the range of 1.9 to 

6.2eV, which can be used to construct blue LEDs and deep UV lasers. 

Along with their wide band gaps, the III-V nitrides have advantageous physical properties 

such as high thermal stability, high physical hardness, and high chemical stability. In 

combining these properties, the III-V nitrides lend themselves as excellent candidates for high- 

power and high-temperature devices.[l] 

At present, there is one significant drawback to the use of the III-V nitrides, the lack of a 

homoepitaxial substrate. In order to achieve monocrystalline thin films, heteroepitaxy has been 

employed using a number of different substrates. This method has allowed the production of 

single crystal films, but the films have had poor crystal quality and high unintentional doping 

levels [2]. 
Recent developments have shown that good single crystal thin films of A1N and GaN can 

be grown using techniques such as metal organic chemical vapor deposition (MOCVD) and 

molecular beam epitaxy (MBE) [3-7]. The most successful of these films, which exhibit high 

resistivity and low unintentional doping, have been grown on AI2O3 (sapphire) and oc-SiC. 

Conductive n and p-type GaN films have also been produced using the appropriate doping 

impurities. 

With the production of device quality material successful attempts have been made to 

produce microelectronic devices using the III-V nitrides [8-15]. Khan et dl. have made many 

strides in this area, including being the first to fabricate a MESFET device from the nitrides. 

Binari et al. have also fabricated MESFET devices along with MISFET structures. As shown 

in Fig. 1, Binari fabricated an depletion mode device using Si3N4 as the gate insulator. For a 

gate length of 0.9 mm the transconductance was 16 mS/mm at 30°C and 11 mS/mm at 200°C. 

The frequency response of these devices were measured resulting in an fj and /max of 5 and 

9 GHz respectively. [15] 

Much of the research currently concerning MISFET devices is directed towards depletion 

mode devices. This can be attributed to the inability to successfully process the material. 

Currently many strides have been made in the areas of implantation and etching [16-18]. Other 

areas of research which are beginning to be addressed include the investigation of insulator 
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Figure 1. MISFET cross section. 

materials. Some initial work has been done by Casey et al. on Si02-GaN MOS capacitors [19]. 

His results indicate that Si02 grown on GaN by a remote plasma method yielded a structure 

with low interface trap density. 

It is the plan of this project to complete the steps needed to construct a MISFET structure. 

The steps will be discussed further in the following section. 

B. Results 

In order to produce a viable IGFET device a suitable insulating material must be found to 

use as the gate insulator. Three materials have been chosen to be investigated for this research. 

They include SiC«2, GaO, and AIN. To properly study the characteristics of the insulators on 

the semiconductor metal insulator semiconductor capacitors used. 

To theoretically model these devices, modified versions of the equations derived for two 

terminal devices Si, from Tsividis [20] and Nicollian and Brews [21], are used. Due to GaN's 

long generation rate and short minority carrier lifetime, on the order of 1011 years and 10"8s 

respectively, the inversion layer contribution to the capacitance can be ignored. This leaves 

only the accumulation and depletion modes to characterize. From this analysis an equation for 

the semiconductor capacitance is derived: 

Cc(y)=[F&(<t>te^L¥-$/lie^;-i)}A (1) 

a/2 where F=(2qecaN)   > Nd is the semiconductor doping concentration, <j)t is the thermal voltage, 

and \|/ is the surface potential. Substituting the results of the Eq. 1 into the following equation, 
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ct(¥) = (-L+—L-ri (2) 

where Cox is the capacitance of the insulator, the capacitance for the device can be calculated at 

various surface potentials. The equation for the gate voltage is derived from the potential drops 

across the capacitor: 

Vgb(¥) = Vfl-^-V (3) 

where Vft is the flatband voltage and Qcs0|/) is the charge at the semiconductor/insulator 

interface. From the above equations a theoretical C-V curve can be generated for n-type MIS 

capacitors. 

This research group has demonstrated the ability to grow high-quality single crystal thin 

films of GaN and A1N with high resistivity and low levels of unintentional doping. These films 

have been grown by MBE and MOCVD on a-SiC, utilizing a high-temperature 

monocrystalline A1N buffer layer. Through these methods both n and p type doping of the 

GaN films has been achieved. 

Using the n-type MOCVD GaN as the substrate three insulating materials, Si02, GaO, and 

A1N, have been grown or deposited upon it. Remote plasma-enhanced chemical vapor 

deposition (RPECVD) was utilized to deposit the Si02 layer [22]. The material was deposited 

at NCSU in the NSF Engineering Research Center for Advanced Electronic Materials 

Processing. 

MIS capacitors were fabricated using the RPECVD oxide. The capacitors fabricated on the 

GaN were lateral in orientation. This was done to avoid the insulating A1N buffer layer. Thus 

the oxide was deposited, patterned with photolithography, and etched. A large Al Ohmic 

contact was deposited on the GaN via resistive heating evaporation and Al gate contacts were 

deposited with a shadow mask in the same evaporator. 

Capacitance-voltage measurements were performed on the capacitors using a HP 4282A 

Precision LCR Meter in combination with HP VEE software. The resulting measured curves 

compared well with the theoretical curve (Fig. 2). At flatband the capacitance in the GaN is 

CFB = {eGaN/LD)A (4) 

where LD is the Debye length and A is the area of the MIS capacitor. The flatband capacitance 

was calculated and used to find the flatband voltage. Using the equation 

VFB = VF°B-qNf/Cm (5) 
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1 0 
where Cox is the oxide capacitance per unit area, Nf is the fixed oxide charge cm" and VFB is 

the ideal oxide flatband voltage. This value is obtained from the difference in the work 

functions of the Al gate and the GaN. The work function of Al is known to be 4.1eV. The 

work function of GaN is still in question. The electron affinity of GaN has been reported [23] 

to be 4. leV. This number was used in place of the work function to calculate the ideal flatband 

voltage. The measured flatband voltage, found from the calculated flatband capacitance, is 

1.1V. The calculated fixed oxide charge for this capacitor is 4.09xlOn cm"2.  Values for 
11 -2 

remote plasma oxides on Si are in the range of 4-6x10   cm" [19]. 

The next insulator investigated was A1N. This insulator was deposited by both MOCVD 

and MBE within this research group. The capacitors produced from the films grown via 

MOCVD had poor electrical characteristics. This as been attributed to the quality of the A1N 

film. Cracks in the film are apparent when viewing with an optical microscope. This could be 

caused by the thermal mismatch between the A1N and GaN. 

In an attempt to circumvent the problem an A1N layer was grown at low temperatures via 

MBE. SEM images show that no cracking is observed in this film. 

The material was processed similarly to the Si02. The resulting capacitors were measured 

using the same LCR meter as previously described. The resulting curves can be seen in Fig. 3. 

The large shift and hysteresis in the curves indicate a large amount of interface traps. This is 

confirmed by the fact that at slower sweep rates the hysteresis begins to close because the traps 

have more time to fill and empty during the sweep. Studies into reducing the interface trap 

density are ongoing on this material. 

The final insulating material being investigated in this study is gallium oxide. This group 

has successfully grown a thermal oxide on GaN using a dry oxygen gas as the 02 source. 

SEM images (Figs. 4-5) show a polycrystalline surface and EDX (Fig. 6) scans confirm the 

presence of gallium and oxygen with low amounts of nitrogen. Optimization and electrical 

studies of these films are currently being accomplished. 

C. Discussion 

Both the A1N and SiÜ2 MIS capacitors have produced promising results as possible 

candidates for use in an IGFET device. Further work must be done to optimize each of these 

two systems. 
Many aspects of the electrical and physical properties of the native oxide grown on the GaN 

need to be investigated. 

To reach the goal of an IGFET device advances in material processing need to be made. 

Specifically in the areas of contacts, ion implantation, and etching. All of which are currently 

being addressed within this research group. 
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Figure 2.        C-V measurements of Si02/GaN heterostructure at room temperature. 
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Figure 3. C-V measurements of AIN/GaN heterostructure at room temperature. 
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Figure 4. SEM of thermal oxide grown on GaN. 

Figure 5.        SEM of thermal oxide grown on GaN. 

139 



1 

i 
- 

G; : Cll 

■190 - 

307 ■ - 

245 0 ■'■a 

I n 
- 

122 - 

H Ku 

0.00 0.25 0.50 0.75 1.00 1.25 
keV 

Figure 6. EDX of thermal oxide on GaN. 

D. Conclusion 

With their combination of thermal and electrical properties, the III-V nitrides have the 

potential to be excellent materials for use in high-power and high-temperature applications. 

With the production of device quality material the time has arrived to develop these devices. 

There are a number of factors that will determine when fabrication will be realized. It is the goal 

of this project to complete the work needed to achieve a working device. 
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Abstract 

Raman analysis of the E2 mode of AlxGai_xN in the composition range 0<x<l is 

presented. The lineshape was observed to exhibit a significant asymmetry and 

broadening toward the high energy range. The spatial correlation model is discussed 

and is shown to account for the lineshape. The model calculations also indicate the lack 

of a long-range order in the CVD alloys. These results were confirmed by X-ray 

scattering: the relative intensity of the superlattice line was found to be negligible. The 

line broadening of the E2 mode was found to exhibit a maximum at a composition 

xs0.5 indicative of a random disordered alloy system. 

The realization of achieving high quality AlxGai_xN films has prompted intensive 

investigation concerning device fabrication and material and device properties. Raman 

spectroscopy has been proven in the past to be a powerful method in studying alloy systems 

among which are AlxGai-xAs, InxGai-xAs, CaxSri_xF2, ZnSi-x Sex, and many more [1-5]. 

Raman scattering from a perfect crystal, which consists of a lattice with translational symmetry, 

involves phonons with wavevector q=0 near the Brillouin zone (BZ) center [6]. The alloying 

may destroy the configurational translational symmetry, and the phonons of q>0 may be 

allowed to participate in the Raman scattering. As a result the Raman lineshape changes, and an 

investigation of the line characteristics may yield valuable information on the microstructure 

state of the alloy. 

In this Letter, we present for the first time observations and analytical study of an 

asymmetric E2 Raman lineshape of AlxGai-xN films. The asymmetry of the line is shown to 

agree with the spatial correlation model which is based on the relaxation of the q=0 selection 

rules due to the alloying. The calculations indicated that the AlxGai-xN lattice lacks a long 

range order, a result which was confirmed by X-ray diffraction: the superlattice diffraction line 

was found to exhibit a very weak relative intensity. Moreover, the functional behavior of the 

E2 linewidth with respect to the composition x in the range 0-1 indicated a random 

distribution of the alloy constituents with maximum disorder at composition x=0.5. 

Submitted to Applied Physics Letters 
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Raman spectra were acquired in a backscattering geometry in which the E2 and the Al(LO) 

are the allowed Raman modes from the c-face of the Wurtzite structure [7]. The 488 nm line of 

an Ar1" ion laser was utilized and the data were acquired at sample temperatures of 300K and at 

10K. The experimental error in the linewidth and peak position measurements is ± 1.5 cnr1 

and 0.5 cm-1 respectively. The AlxGai_xN films were grown via the organometallic chemical 

vapor deposition (OMCVD) method at ~ 1100 °C on 6H-SiC(0001) substrates with a 1000 A 

A1N buffer layer [8]. The thickness of the films is ~ 2 (im and the composition, x, which was 

determined via Rutherford backscattering (RBS), energy dispersive X-ray (EDX), and Auger 

spectroscopy, is: 0.06, 0.12, 0.22, 0.32, and 0.70. The data points for x=0 and x=l were 

obtained from GaN film and A1N crystallite [9] respectively. 

Figure 1 shows the room-temperature Raman spectra of the E2 line from AlxGai-xN films 

of compositions 0.06, 0.12, 0.22, and 0.70, which exhibit linewidths of 8, 13, 16, and 

19 cm-1 respectively. As depicted in the figure, the spectral lineshape for films of x>0.06 

to 
C 
0J 

B 
a 
B 

540 550 560 570 580 590 600 610 620 

Raman Shift (cm1) 

Figure 1. The RT Raman spectra of the E2 mode of AlxGai-xN films of composition 
x=0.06, 0.12, 0.22 and 0.70. The respective linewidths are: 8, 13, 16, and 19 
cm-1, and peak positions at: 567, 569, 572, 579 cm-1. The solid lines 
superimposed on the spectra of films: x=0.12 and 0.22 were calculated from the 
spatial correlation model presented in Eq. 1. 
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exhibit asymmetric broadening and a peak shift toward higher frequency. Possible line 

broadening mechanisms applicable to alloys include thermal broadening, activation of a 

symmetry forbidden zone-center (q=0) mode which lies in the same frequency range as the 

investigated line, and broadening due to activation of a collective of modes of wavevectors 

q>0. The last two broadening mechanisms result from the elimination of the translational 

symmetry of the lattice due to alloying. 

To investigate the thermal contribution to the line broadening, Raman spectra were acquired 

at T=10K, and no significant change was observed between the shapes and linewidths of the 

room and cold temperature spectra. Thus the linewidth in our sample is not strongly affected by 

temperature. The only effect of the low temperature is the shifting of the peak position by 

~ 2 cm-1 toward the high frequency, which was also previously observed in GaN films [10] 

and crystals [11] and was attributed there to the thermal contraction of the bonding. 

The second possible mechanism is the activation of a q==0 symmetry forbidden mode which 

might be convoluted with the E2 line and cause the asymmetric broadening. However, the only 

mode in the frequency range of the E2 line that is forbidden in the back-scattering geometry is 

the Al (TO) mode of GaN at -560 cm"1 [7] which lies at a lower frequency. 

A more plausible mechanism to account for the high frequency asymmetric linewidth in our 

Raman spectra is the spatial correlation model, also known as the confinement model. The 

model was developed to explain the asymmetry line in BN [12] and Si [13] and has been 

successfully applied to quantify the lineshape behavior of Gai-xAlxAs and Gai_xInxAs alloy 

systems [1]. The foundation of the model lies in the uncertainty principal: Aq=27t/L where Aq 

is the phonon wavevectors range, L is a spatial dimension into which the phonon is confined, 

and q is related to the Raman frequency CO via the phonon dispersion relation co(q). The size of 

L in an alloy system may be viewed as the average size of the ordered domains which are 

embedded in the configurational-disordered matrix. According to the model, as L gets smaller 

Aq becomes larger: a wider range of frequencies are allowed to participate in the Raman 

scattering, and as a result the Raman lineshape exhibits a change. The lineshape-change 

depends on the phonon dispersion curve co(q); for a curve of negative slope the line asymmetry 

is toward lower frequencies and for a positive slope the asymmetry is toward higher 

frequencies. The peak position also shifts accordingly. However, the position is a function of 

the alloy-mode as well: an alloy can be categorized as being a one- or two- mode type [14-15] 

and the behavior of the peak position depends on the type. The deconvolution of the peak 

position is left to a future investigation; at present we address merely the origin of the 

asymmetric lineshape and line broadening. 

The Raman intensity I(co) for the spatial correlation model may be expressed as [1,12-13] 
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[»-«•töf + pSJ 
where q is in units of 2rc/a, a is the lattice constant, and To is the linewidth of the material of 

composition x=0 which is GaN in this study. Our GaN films exhibit linewidth in the range 

3 - 5 cm-1 depending on the film quality [10]. For the calculations we used the upper range 

value to account for the stress in the alloy which was inferred from the appearance of cracks in 

the films. In the calculation we assumed a spherical correlation domain and BZ. 

To evaluate Eq. 1 we fitted the phonon dispersion curves, which have been calculated by 

Azuhata et al [16], in the vicinity of BZ center. In their calculations the E2 mode along the A 

direction exhibits a doubly degenerate behavior and is a weak function of q, thus having no 

effect on the line broadening mechanism. In contrast, the E2 curves along the E and T 

directions both split into a lower and an upper branch, where the former is a decreasing 

function of q and the later is an increasing function; these curves are expected to influence the 

Raman lineshape. Our calculations of Eq. 1 best concur with the phonon dispersion curve of 

the form: co(q) = A + Bq2 (in units of cm-1 and with A=568 and B=100) which is the 

approximated behavior of the upper branch of the E and T curves in the vicinity of the zone 

center. However, when we included the contribution to the lineshape arising from the lower 

branches of the dispersion curves the fit was not ideal. Similar behavior has been previously 

observed in the calculation of BN lineshape [12]. The reason for the dominance affect of the 

upper branches in our calculations is under investigation. 

The calculated lines and the Raman data for samples of composition 0.12 and 0.22 are 

presented in Fig. 1. As depicted in the figure the asymmetric Raman data concur with the 

spatial correlation model, where the small deviation ~ 560 cm-1 may be attributed to the 

activated Al(LO) mode. The ordered domain size, L, was determined from our calculations to 
o 

be ~ 25 - 35 A; a relatively small value suggesting the lack of a long range order in the alloy 

system. In order to further investigate this hypothesis a film of composition x=0.22 was 

characterized by XRD: the scan is presented in Fig. 2. The figure shows the diffraction peak of 

the (0002) planes of the AlGaN (superimposed is also the SiC substrate peak) and the inset 

presents the weak (0001) diffraction peak. The (0001) is a forbidden reflection in the WZ 

structure and appears as a superlattice line only when lattice ordering exists [17]; the intensity 

ratio (0001)/(0002) is a measure of the extent of the order [18]. AlxGai-xN films which were 

grown by molecular beam epitaxy have been reported by Korakakis et al [17] to exhibit a long 

range order; the intensity ratio of their XRD lines is ~ 0.05 in contrast to our much smaller 

intensity ratio of ~ 0.002. Thus the XRD confirms the Raman analysis, indicating that the 

alloys in this study do not exhibit significant long range ordering. 
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More insight into the alloy micro-structure may be obtained from the Raman linewidth 

behavior. Figure 3 presents the Raman linewidth of the E2 mode as a function of the 

composition. The linewidth behavior follows a pattern which exhibits a maximum at 

composition x=0.5, a value at which a maximum disorder should be expected in a random 

system. The solid line in the figure was calculated (in arbitrary units) using the relation for the 
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Figure 2. The (0002) X-ray diffraction of Alo.22Gao.78N; the scan displays the SiC 
substrate peak. The inset to the figure shows die very weak (0001) superlattice 
line. 
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Figure 3. The E2 Raman linewidth as a function of composition (dots). The solid line is 
obtained from calculations of the entropy of mixing of an alloy system (in 
arbitrary units). 

146 



entropy of mixing which is a measure of the cofigurational disorder in a random alloy [19]. 

Thus our data suggest that the distribution of the alloy constituents for the most part is random. 

The issue of randomness in AxBi_xC alloys has been previously addressed and it was 

suggested that the anions, C, are periodically distributed in their sub-lattice sites while the 

cations, A and B, are randomly distributed in the other sub-lattice [2, 20]. However, achieving 

an ordered alloy in some families of ternary tetrahedral semiconductors has been demonstrated 

to be a function of the growth temperature [20]; the conditions for the ordered state in the 

AlxGai.xN system have yet to be explored. 

To conclude, the asymmetric behavior of the E2 Raman linewidth of AlxGai_xN alloys was 

attributed to the activation of phonons of q>0 arising from the disordered state of the alloys. 

X-ray diffraction supports the finding; the supperlattice relative line-intensity is weak. The line 

broadening of the E2 Raman mode exhibits a maximum at composition x=0.5 which is 

consistent with a random distributed system. 

Acknowledgments 

We acknowledge the National Research Council, the Army Research Office, and the Office 

of Naval Research for supporting this research. 

References 

1. P. Parayanthal, and F.H. Pollak, Phys. Rev. Lett. 52, 1822 (1984). 
2. I. Sela, V.V. Gridin, R. Beserman, R. Sarfaty, D. Fekete, and H. Morkoc, J. Appl. 

Phys. 63, 966 (1988). 
3. R.K. Chang, B. Lacina, and P.S. Pershan, Phys. Rev. Lett. 17, 755 (1966). 
4. B. Jusserand, and J. Sapriei, Phys. Rev. B24, 7194 (1981). 
5. O. Brafman, I.F. Chang, G. Lengyel, and S.S. Mitra, Phys. Rev. Lett. 19, 1120 

(1967). 
6. Topics in Applied Physics-Light Scattering in Solids I, Edited by M. Cardona, (Springer- 

Verlag, New York, 1983). 
7. C. A. Arguello, D.L. Rousseau, and S.P.S. Porto, Phys. Rev. 181, 1351 (1969). 
8. M.D. Bremser, W.G. Perry, N.V. Edwards, T. Zheleva, N. Parkin, D.E. Aspnes, and 

R.F. Davis, Mat. Res. Soc. Symp. Proc. 395, 195 (1995). 
9. CM. Balkas, Z. Sitar, T. Zheleva, L. Bergman, I.K. Shmagin, J.F. Muth, R. Kolbas, 

RJ. Nemanich, and R.F. Davis, Mat. Res. Soc. Symp. Proc. 449, 41 (1997). 
10. L. Bergman, M.D. Bremser, J.A. Christman, S.W. King, R.F. Davis, and RJ. 

Nemanich, Mat. Res. Soc. Symp. Proc. 449, 725 (1997). 
11. D.D. Manchon, A.S. Baker, PJ. Dean, and R.B. Zetterstorm, Sol. Stat. Commu. 8, 

1227 (1970). 
12. RJ. Nemanich, S.A. Solin, and R.M. Martin, Phys. Rev. B23, 6348 (1981). 
13. P.M. Fauchet, and I.H. Campbell, Critical Reviews in Solid State and Materials Science 

14, S79 (1988). 
14. K. Hayashi, K. Itoh, N. SawaM, and I. Akasaki, Sol. Stat. Commu. 77, 115 (1991). 
15. L. Bergman, and RJ. Nemanich, Annu. Rev. Mater. Sei. 26, 551 (1996), (and 

references within). 
16. T. Azuhata, T. Matsunaga, K. Shimada, K. Yoshida, T. Sota, K. Suzuki, and S. 

Nakamura, Physica B219/220, 493 (1996). 

147 



17. D. Korakakis, H.M. Ng, K.F. Ludwig Jr., and T.D. Moustakas, Mat. Res. Soc. Symp. 
Proc. 449, 233 (1997). 

18. B.D. Cullity, Elements ofX-Ray Diffraction, (Addison-Wesley, Menlo Park, 1978). 
19. D. Gaskell, Introduction to Mrtallurgical Thermodynamics, (Hemisphere Publishing 

Corporation, New York, 1981). 
20. A. Zunger, Appl. Phys. Lett. 50, 164 (1987). 

148 



XVII. Theory of C, Si, and Ge Impurities in GaN and A1N 

P. Boguslawski1'2, and J. Bernholc2 

1. Institute of Physics PAN, 02-668 Warsaw, Poland. 

2. Department of Physics, North Carolina State University, Raleigh, NC 27695 

Abstract 

Electronic structure of substitutional group-IV impurities C, Si, and Ge in 

hexagonal GaN and A1N were studied by quantum molecular dynamics. CN 

is a very shallow acceptor, and thus a promising p-type dopant. Both Si and 

Ge are exellent donors in GaN. However, in AlGaN alloys the DX configura- 

tions are stable for a sufficiently high Al content, which quenches the doping 

efficiency. Electronic structure of nearest-neighbor Xcation-XN pairs is also 

discussed. 
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Current interest in wide band-gap nitrides is due to possible applications in blue/UV 

light-emitting diodes and lasers, and in high-temperature electronics [1,2]. To exploit fully 

the potential of these materials, understanding and control of doping needs to be achieved. 

In the present work we study substitutional group-IV X=C, Si, and Ge impurities in the 

hexagonal (wurtzite) GaN and A1N. These species are potentially important dopants (e.g., 

Si is frequently used as a n-type dopant of epitaxial GaN). On the other hand, both C and 

Si may be unintentionally incorporated as contaminants during growth. 

In general, a group-IV atom is likely to become a donor when incorporated on the cation 

site, and an acceptor on the anion site. This possibility of the amphoteric behavior critically 

depends on the conditions of growth. We have recently shown [3] that C is preferentially 

incorporated on the N site under Ga-rich conditions of growth, while both Si and Ge occupy 

cation sites under N-rich conditions. However, under other conditions self-compensation, i.e., 

a simultaneous incorporation of the dopant on both cation and anion sublattice, is expected. 

For this reason we discuss here the electronic structure of Xcation, XN, and Xcation-X^ nearest- 

neighbor pairs. We also consider a possible transition of Xcation from the substitutional to 

the DX-like configuration. Such a transition is commonly accompanied by a capture of 

electron on a stable (or metastable) state, which quenches the doping efficiency. Some of 

the results for C were published in [4]. The calculations were performed using quantum 

molecular dynamics [5]. Technical details were given in [6]. Soft pseudopotentials for N and 

C were used [7], while the pseudopotential of Ge was generated according to Ref. [8]. 

We first briefly discuss configurations of substitutional impurities and strain effects. A 

substitutional impurity in a wurtzite crystal has four nearest neighbors. One of them, located 

along the c-axis relative to the impurity (called here type-1 neighbor), is non-equivalent to the 

remaining three neighbors (called here type-2 neighbors). For the group-IV atoms considered 

here, this non-equivalence is small, since the bond lengths with type-1 and type-2 neighbors 

are equal to within 1 per cent. In all cases, we find breathing mode distortions preserving 

the local hexagonal symmetry. The calculated changes in bond lengths are given in Table 

I, together with the energy gain Erei due to the relaxation from the ideal substitutional 
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configuration to the final one. As follows from Table I, the inclusion of relaxation effects 

is necessary for a proper description of Ccation, Si^, and Ge^, due to the large differences 

between the atomic radii of the impurity and host atoms. The most drastic case is that 

of Ge^v in A1N: the lattice relaxation releases the elastic energy AEre; of 7 eV, rises the 

acceptor level by 1.05 eV, and increases the Ge-N bonds by 17 per cent. Very similar results 

are obtained for AlN:Si. The calculated AErez are systematically greater for A1N than for 

GaN, reflecting the higher stiffness of A1N. 

Table I. Effects of atomic relaxations around impurities. Ab is the change of the bond 

length, AETei is the relaxation energy, Eimp is the position of the impurity level, with e.m. 

denoting the effective-mass state, and AE2mp is the relaxation-induced shift of the impurity 

level. 

Ab (%) AEre/ (eV) EiTOp (eV) AEimp (eV) 

GaN 

C:Ga -18.1 1.65 e.m. - 

Si:Ga -5.6 0.65 e.m. - 

Ge:Ga - 1.4 0.25 e.m. - 

C:N -2.0 0.1 E^+0.2 - 

Si:N 13.6 3.9 E„+1.2 0.8 

Ge:N 13.5 4.1 E„+1.35 0.8 

A1N 

C:A1 -17.2 2.6 Ec-0.4 1.2 

Si:Al -7.0 0.7 e.m. - 

Ge:Al -2.9 0.3 e.m. - 

C:N 2.0 0.4 E„+0.4 0.1 

Si:N 16.5 6.75 E„+1.7 1.0 

Ge:N 16.7 6.95 E„+1.75 1.05 
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As follows from Table I, C, Si, and Ge occupying the cation site in both GaN and A1N 

are effective-mass donors. The only exception is C^; in A1N, where the C-induced level is 

at about 0.4 eV below the bottom of the conduction band. In GaN, because of its lower 

band gap, the C-derived level is a resonance situated at 0.9 eV above the bottom of the 

conduction band. 

In addition to the substitutional configuration of Xcation donors, we have investigated 

the stability of the DX-like configuration [9]. In this configuration one bond between the 

impurity and its first neighbor is broken, and one of these atoms (or both) are shifted to an 

interstitial site. We have analyzed only one possible DX state, namely that with the broken 

bond between the impurity and the type-1 neighbor; the configuration with the broken bond 

to the type-2 N atom should have very similar properties. 

We first consider GaN. We find that C*Ga is metastable not only in the negative but also 

in the neutral charge state. The energy of C*Ga is higher than that of the substitutional 

CGO by 0.54 and 0.35 eV for the neutral and the negative charge state, respectively. In 

the DX state both the host N atom and the impurity are significantly displaced along the 

c-axis (see Ref. [4] for details). In contrast, Si is unstable in the DX state, since there is 

no energy barrier for the transition from the initial DX configuration to the substitutional 

one. This holds for both the neutral and the negatively charged Si. Finally, a DX state is 

metastable for the negatively charged Ge, and its energy is higher by 0.3 eV than that of 

GeQa. Unlike for C*Ga, Ge atom is located at the lattice site, and the nearest-neighbor N 

atom is displaced along the c-axis. The Ge-N distance is 2.61 Ä, to be compared with 1.93 

Ä for the substitutional configuration. Ge*Ga(—) introduces a singlet at about 0.4 eV below 

the bottom of the conduction band. For the neutral charge state, the DX configuration is 

unstable. 

Turning to A1N, we find that in the negative charge state C*Al is more stable than C^ by 

0.2 eV. In the neutral charge state C^ is metastable, as its energy is higher by 0.48 eV than 

that of the ground state. Unlike in GaN, the DX configurations are stable for both Si and 

Ge in the negative charge state. Their energies are lower by 0.15 and 1.2 eV than those of 
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the respective substitutional cases. In both cases the impurity remains on the substitutional 

site, and the N atom is strongly displaced. For Si*^ the distance to the N atom is 2.95 Ä 

compared to 1.78 Ä for SiAI, and for Ge the respective values are 2.83 and 1.86 Ä. Si^(-) 

introduces a level at -1.5 eV below the bottom of the conduction band. For Ge, the gap 

state is even deeper, at -2.0 eV below the bottom of the conduction band. Finally, the DX 

configurations are unstable for both Si and Ge in the neutral charge state. 

The different DX configurations found for C, as opposed to Si and Ge, are in part due 

to atomic size effects. For example, when C substitutes the much bigger Ga atom, the C-N 

bonds are highly stretched, because they are shorter than the equilibrium Ga-N bonds by 

about 15 %. In the DX state one C-N bond is broken, and C is free to relax and to shorten 

the three remaining C-N bonds. Consequently, the Cga-N bonds are shorter by about 7 

% than CGO-N bonds in the substitutional case. At equilibrium, C* forms a nearly planar 

configuration with the type-2 neighbors. Such a geometry is additionally stabilized by the 

tendency of C to form planar sp2 bonds. Both factors may contribute to the stabilization of 

C*Ga in the neutral charge state. In contrast, these factors are not operative for Si and Ge 

impurities, which remain on the substitutional site. 

The predicted stability of DX- states for C, Si, and Ge in A1N implies that the reaction 

2d° —¥ d+ + DX~ is exothermic, and the electrons are captured by the deep DX-derived 

levels. Consequently, the doping efficiency is quenched. In Al1_IGaa;N alloys the doping 

efficiency with C, Si, and Ge should thus strongly depend on the alloy composition. These 

dopants should be efficient donors up to a crossover composition given by the stability of the 

DX state. A theoretical estimate for the crossover may be obtained by a linear interpolation 

between the results obtained for the pure end compounds. This composition is 0.65 for C, 

and 0.2 for Ge. 

We shall now consider the acceptors Xjy. In zinc-blende crystals, acceptor levels of 

group-IV atoms are three-fold degenerate. Due to the wurtzite symmetry of GaN and A1N, 

the triplets are split into doublets and singlets by the energy Esput. In all cases considered 

here, the energies of doublets (given in Table I), Eß, are higher than those of singlets, Es- 
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Both the acceptor energies and the splittings strongly depend on the impurity. We find 

that C is a shallow acceptor with Eß=0.2 eV in GaN, which is in an excellent agreement - 

with the recent experimental data [10]. Thus, C is a promising p-type dopant, since it is a 

shallower acceptor than the commonly used Mg [2]. In A1N, C is deeper (Eß=0.4 eV) and 

more localized. The doublet-singlet splitting Esput is about 0.2 eV in both materials. In 

contrast, both Si and Ge are deep acceptors. For GaN:Si E0=1.2 eV and Esp/i4=0.6 eV, and 

for GaN:Ge E#=1.35 eV and Esput—0.6 eV. In A1N the binding energies and the splittings 

are even higher, and we find E#=1.7 (1.75) eV and Espiit=0.7 (0.7) eV for Sijv and Gejv, 

respectivel). 

Finally, we turn to the electronic structure of the nearest-neighbor X+4ion-X^- pairs. 

Compared to the case of distant Xcaiion and XJV impurities, the main modification is a 

substantial increase of the doublet-singlet splittings. In the case of GaN, Espnt rises from 0.6 

to 1.0 eV for Si-Si pairs, and from 0.6 to 1.05 eV for Ge-Ge pairs. For A1N, the increase is 

from 0.7 to 1.4 eV for Si-Si pairs, and from 0.7 to 1.35 eV for Ge-Ge pairs. This effect is due 

to the close proximity of the Xcat;on donor, located along the c-axis relative to the acceptor 

X#. The presence of the donor enhances the non-equivalence between the z-symmetry 

singlet and the (x, j/)-symmetry doublet states. 

As it follows from our results, properties of Si and Ge are similar, but they are qualita- 

tively different from those of C. These differences are due to both different atomic energies 

of s and p orbitals (lower for C than for Si and Ge by about 1 eV), and differences in atomic 

radii, which affect both atomic relaxations and hybridization of the orbitals. 

This work was supported in part by Grants KBN 2-P03B-178-10, ONR N00014-92-J- 

1477, and NSF DMR 9408437. 
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Abstract 

An ab initio study of nitride-based heteroepitaxial interfaces that explic- 

itly treats the strain due to lattice-mismatch is presented. A1N is the pre- 

ferred substrate and strain effects on the band offsets range from 20% to 40%. 

The AIN/GaN/InN interfaces are all of type I, while the Alo.5Gao.5N/AlN 

zinc-blende (001) interface may be of type II. Further, the calculated bulk po- 

larizations in wurtzite A1N and GaN are -1.2 and -0.45 /zC/cm2, respectively, 

and the interface contribution to the polarization in the GaN/AIN wurtzite 

multi-quantum-well is small. 

71.15.Hx, 71.15.Nc, 81.05.Ea, 73.40.Kp 
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With the recent demonstration of stimulated emission in the blue region of the spec- 

trum from a nitride-based multi-quantum-well structure [1], interest in the nitride-based 

semiconductors has burgeoned. This discovery has served to underscore the very attractive 

properties of the nitride-based materials, which include a wide band-gap and the ability 

to form a continuous range of solutions of GaN, A1N and InN, materials which have very 

different band gaps. This latter property makes possible the engineering of band gaps which 

span the range from the deep ultra-violet to the visible [2]. 

Not surprisingly the potential technological importance of these materials has elicited 

the interest of a number of theoretical groups [3-7]. In spite of this, the strained interfaces 

of these lattice-mismatched materials have not been studied. We find that strain effects 

are significant and A1N lattice-matched substrates are clearly preferred for pseudomorphic 

heteroepitaxial growth. Further, the strain induces changes of 20% to 40% in the value 

of the band offset and these changes increase with decreasing in-plane lattice parameter. 

The AIN/GaN/InN interfaces are all of type I, while the Alo.5Gao.5N/AlN zinc-blende (001) 

interface is found to be of type II. Finally, we studied the GaN/AIN wurtzite interface, 

where qualitatively new features, namely pyro- and piezoelectric effects, appear due to the 

low symmetry of the wurtzite lattice. 

The standard ab initio plane-wave pseudopotential method [8-10] was employed in the 

calculations. The energy cut-off for the plane-wave expansion was 50 Ry to ensure conver- 

gence of the nitrogen pseudopotential. We used the equivalent of 10 k-points for bulk and 

superlattice calculations in the zinc-blende structure [11] and 6 k-points for calculations of 

the wurtzite structure [12]. Convergence both in the size of the plane-wave basis and in the 

number of special points has been carefully checked. The Perdew-Zunger parametrization 

[13] of the Ceperley-Alder form [14] of the exchange-correlation energy was used. For in- 

terface calculations, we employed 4+4 superlattices (16 atoms) along the (001) and (0001) 

directions. The non-local, norm-conserving pseudopotentials [15-17] were included using 

the Kleinman-Bylander approach [18]. For nitrogen, we used a neutral configuration as the 

atomic reference for all states. 
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In pseudopotentials where d-electrons are treated as core electrons, experience with II-VI 

semiconductors [19] has shown that the inclusion of the nonlinear core correction [20] results 

in a substantial improvement of the bulk properties. As an early work demonstrated [5], the 

reference atomic state plays a critical role in the generation of the pseudopotential. In order 

that the pseudopotential be consistently descreened, it is necessary, when using the nonlin- 

ear core correction, that the reference atomic state be the same for all angular-momentum 

channels. This is in contrast with standard Bachelet, Hamann and Schlüter prescription 

[15] in which the atomic ground state is used as a reference for each angular-momentum 

channel present in the ground state, while, to improve transferability, an appropriately ion- 

ized, excited-atom configuration is used as the reference state for the angular-momentum 

channels present only in the excited states. Dal Corso et al. [21] have dealt with the in- 

consistency between the restriction imposed by the use of the nonlinear core correction and 

the importance of different atomic reference configuations for different angular-momentum 

channels by simultaneously fitting the pseudopotential and the core charge to more than 

one configuration. 

The approach used here resolves this inconsistency while maintaining the improved trans- 

ferability obtained through the choice of different, atomic reference configurations. This is 

achieved by choosing as the initial reference configuration the neutral ground state and gen- 

erating the angular momenta channels for it together with the core charge. For angular 

momenta present only in the excited states, we use the appropriately ionized, excited-atom 

configuration of the frozen-core atom (with the core from the neutral ground state). We 

generated pseudopotentials for aluminium, gallium and indium with this procedure using the 

standard reference configurations for the empty d-channel [16,22], namely 3s0,75 3p° 3d0,25 

for aluminium, 4s0"75 Ap° Ad0,25 for gallium and 5s1 5p0,75 5d0-25 for indium. 

The calculated bulk properties are presented in Table I. In general, agreement with 

experiment is excellent [23,24]. The theoretical lattice parameters of both the zinc-blende 

and wurtzite forms agree very well with experiment; a similar level of accuracy is expected 

for the interface calculations described below. We have also calculated the bulk properties of 
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GaN treating the 3d-electrons of gallium as valence electrons following Ref. [7]. With a cut- 

off of 240 Ry, we find a0 = 4.46 Ä and B0 = 2.14 Mbar, which reproduces the experimental 

values to the same degree as our calculations employing the present pseudopotentials with 

the d-electrons in core. 

The properties of nitride-based semiconductor devices are critically dependent upon their 

interface properties. Due to the lattice-mismatch between A1N and GaN (3.5%) and between 

InN and A1N (12.8%), superlattices of these materials are expected to be strained [25]. We 

investigate first the (001) zinc-blende interface. The supercell for the strained superlattice 

was determined using macroscopic elasticity theory [26]. In this theory, each half of the 

heterojunction is treated as a strained bulk with a fixed in-plane lattice constant a\\. The 

perpendicular lattice constant of the epilayer c is obtained by minimizing the strain energy 

of the system subject to the fixed in-plane constant. For A1N, GaN and InN, the calculated 

elastic constants used to determine the strains are given in Table II. Using total energy 

calculations, we find that macroscopic elasticity theory predicts well the perpendicular lattice 

constant for the epilayer. The residual relaxation of the atoms at the interface is negligible 

(< 0.05 Ä) and does not affect the band offset of the interface. 

The interface energy for the (001) direction can be calculated in a straightforward manner 

because the supercell contains two identical interfaces. The interface energy of the interface 

AC/BC is 

Einterface = 7j(ESUpercell ~ NACEAC ~ NBcEßc), (1) 

where EAc (EBC) is the energy of the AC (BC) pair in the appropriately strained bulk 

and NAC {NBC) is the number of AC (BC) pairs in the supercell. We considered three 

different interfaces, namely the strained GaN/AIN (with A1N in-plane lattice constant), the 

strained AIN/GaN (with GaN in-plane lattice constant) and the "unstrained" GaN/AIN 

(with average lattice parameter) interfaces. In each case, the interface energy was found to 

be extremely small, ~ 1 meV/interface atom, which is of the order of the precision of the 

calculations. Therefore, all of the interfaces show similar bonding characteristics. This is not 
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the case, however, with the elastic energies of the interfaces. The elastic energy, which is the 

difference of the strained energy and the unstrained energy per pair, manifests itself as an 

extrinsic volume effect governing the thickness of the pseudomorphic layer. We find that the 

elastic energy is 46 meV/pair for GaN/AIN and is 63 meV/pair for AIN/GaN. The elastic 

energy in the "unstrained" case is comparable to that in AIN/GaN. Thus the critical thick- 

ness for pseudomorphic AIN/GaN is significantly smaller than GaN/AIN, an observation 

which is consonant with the fact that epitaxially grown GaN/AIN results in higher quality 

samples [2]. In the light of these conclusions, we restrict further considerations to interfaces 

grown on an A1N substrate, i.e. the in-plane lattice constant for all the superlattices is the 

A1N value. 

We have investigated the band offsets of the (001) GaN/AIN, InN/AIN and InN/GaN 

strained heterojunctions following the procedure of Ref. [27]. In each case A1N is taken to 

be the substrate. The results are shown in Fig. 1 [28]. We find that each interface is of 

type I, with the InN band edges sandwiched by the band-edges of the other materials, since 

the band gap in InN is the smallest. The transitivity rule is satisfied. We do not observe 

any interface states in the gap of the superlattice. As might be expected, states at the 

top of the valence band are mostly localized to the epilayer with the smaller gap. Similar 

behavior is observed for the conduction-band minimum; the degree of localization of the 

states at the conduction-band minimum increases with increasing band offset. Strain effects 

on the valence-band offsets have been investigated for the interfaces formed by A1N and 

GaN. They vary between 20% and 40%. In particular, the valence-band offsets are -0.75 eV 

for GaN/AIN, -0.44 eV for AIN/GaN and -0.58 eV for "unstrained" GaN/AIN. 

The case of the wurtzite (0001) GaN/AIN interface was also investigated. Strain effects 

were explicitly included using macroscopic elasticity theory [29] and a total energy optimiza- 

tion. The calculated valence-band offset is estimated to be -0.57 eV, a value smaller than 

the result for the strained non-polar (001) GaN/AIN interface. The ratio of the conduction- 

band to valence-band offset is 65:20. Our results agree very well with the experimental 

measurements of the (0001) wurtzite interface [30]. 
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The possible sources of systematic error of the calculation include the neglect of the 

anion p- and cation d-state repulsion [31] and the well-known neglect of many-body effects 

in the LDA. In GaN/AIN interfaces, the inclusion of the 3d-electrons as valence electrons 

results in a constant shift of 0.2 eV, which is less than the experimental error [30], and does 

not change the character of the interface. Incorporating this shift gives results in agreement 

with previous estimates using a d-valence pseudopotential [6] and an all-electron calculation 

[4]. The importance of many-body effects on the band offsets is not known and awaits a 

future GW calculation. 

Because of its low symmetry, the wurtzite system may display pyroelectric and piezo- 

electric behavior [32]. These effects, if present, will manifest themselves macroscopically in 

multi-quantum-wells along those directions that do not have a perpendicular mirror-plane 

[33,34]. Thus, for instance, macroscopic fields are not observed in the strained (001) in- 

terfaces in zinc-blende structure, while they are observed in strained (111) interfaces [33]. 

Indeed, a polarization will be induced only if off-diagonal components of the strain are 

present. In (0001) strained GaN/AIN, we observe a substantial electric field as has been 

previously noted by Satta and coworkers [35]. In order to distinguish the bulk pyroelectric 

and piezoelectric contributions to this field from that induced by the interface, we have 

calculated the spontaneous bulk polarization of unstrained A1N and the strain induced po- 

larization for the GaN epilayer [36]. The spontaneous polarization (P3) of A1N and GaN 

in equilibrium are -1.227 /xC/cm2 and -0.448 /zC/cm2 respectively; the polarization of the 

strained GaN is -0.454 /uC/cm2. These values are comparable to the computed bulk po- 

larization in BeO [36]. The effect of the interface dipole is small; the polarization in the 

GaN/AIN multi-quantum-well is well described by the superposition of the polarizations 

of the constituent epilayers of the multi-quantum-well. The estimated contribution of the 

interface dipole (which includes the response of one epilayer to the field of the other) is 

0.057 /iC/cm2, which is of opposite sign and an order of magnitude smaller than the bulk 

polarizations. The computed value of the polarization in the superlattice agrees with that 

estimated from experiment by Martin et al. [30]. 
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Alloying provides another way to tune band offsets through changes to the strain in the 

system and changes to the electronic structure. The virtual crystal approximation in which 

the pseudopotentials of the constituent species are averaged by their fractional composition 

has been shown to adequately describe band offsets in certain alloy interfaces [37]. We have 

studied the zinc-blende (001) Al0.5Ga0.5N/AlN interface in the virtual crystal approximation. 

First, we used the virtual crystal approximation to calculate the elastic properties of the zinc- 

blende alloy (with theoretical lattice constant of 4.44 Ä), finding Cn = 23.55 xlO11 dyne/cm2 

and C12 = 11.84 xlO11 dyne/cm2, and used macroscopic elasticity theory to predict the 

strains. In contrast to the pure nitride interfaces, we found that this particular alloy interface 

is a staggered type II interface. The valence-band offset is -0.39 eV and the conduction-band 

offset -0.17 eV. In order to verify the accuracy of the approach, we compared the lineup of the 

virtual crystal approximation with a fully relaxed (GaN)i(AlN)i/AlN interface; the alloy was 

replaced by the lxl superlattice, an extreme example of an ordered alloy. The results are - 

0.37 eV and -0.09 eV for the valence- and conduction-band offsets, respectively. Further, the 

character of the interface remains unchanged. Therefore, the virtual crystal approximation 

well describes the band offsets of this alloy superlattice and, within the present theoretical 

scheme, the interface will change its character as the gallium composition of the alloy is 

increased. 

In summary, we have investigated the influence of strain on the interface properties of 

nitride-based heterostructures. In these lattice-mismatched heterojunctions, the in-plane 

lattice constant can be varied by changing the characteristics of the substrate and so tune 

the band offset. The elastic energy of the AIN/GaN interface is appreciably larger than 

that of the GaN/AIN interface, making A1N the preferred substrate for pseudomorphic 

growth. Strain effects on the band offsets in GaN/AIN range from 20% to 40%. The bulk 

spontaneous polarization of the constituent materials, which range from -1.227 to -0.448 x 

10~2 C/m2 for A1N and GaN, respectively, constitutes the preponderant contribution to the 

polarization present in the low symmetry wurtzite GaN/AIN interface, i.e. the interface 

contribution to the polarization is small. Finally, the pure interfaces are all of type I, while 
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the Alo.5Gao.5N/AlN interface may be of type II, suggesting that a change of character will 

occur as the gallium composition of the alloy is increased. 

We acknowledge helpful conversations with Drs. D. J. Sullivan and E. L. Briggs. 
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TABLES 

TABLE I. Calculated bulk properties of zinc-blende and wurtzite nitride semiconductors. The 

values of the gap at the F-pt (Er) and of the valence-band width (AEvbw) are the LDA results. 

Experimental values are in brackets and follow Ref. [7]. 

zinc-blende 

A1N GaN InN 

GO (A) 4.37 (4.38) 4.52 (4.5) 5.01 (4.98) 

B0 (MBar) 2.02 (2.02) 1.70 (1.90) 1.58 (1.37) 

Er (eV) 4.09 2.24 (3.45) 0.16 

AEvbw (eV) 14.86 15.48 

wurtzite 

14.01 

a (A) 3.09 (3.11) 3.20 (3.19) 3.55 (3.54) 

c/a 1.62 (1.60) 1.63 (1.63) 1.63 (1.61) 

u (units of c) 0.378 (0.382) 0.376 (0.377) 0.375 

Bo (MBar) 1.99 (2.02) 1.69 (1.95, 2.37) 1.62 (1.26, 1.39) 

ET (eV) 4.44 (6.28) 2.29 (3.50) 0.16 (1.89) 

AEvbw (eV) 14.89 15.60 14.00 

TABLE II. Elastic constants calculated for zinc-blende A1N, GaN and InN (in units of 1011 

dyne/cm2). The experimental values in brackets are from wurtzite [38]. 

en 

Cl2 

A1N 

24.85 

13.37 

GaN 

23.74 (29.6 ± 1.8) 

11.23 (13.0 ± 1.1) 

InN 

20.24 

12.96 
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FIGURES 

FIG. 1. Calculated band offsets for the three interfaces described in the text assuming an A1N 

substrate. 
A1N    GaN        A1N     InN GaN    InN 

CB ■1 
  0.75 eV 

0.73 eV 

VB 

1.95 eV 

1.37 eV 

Marco Buongiorno Nardelli et al. 

Figure 1. 
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XIX. UV Photoemission Study of Heteroepitaxial AlGaN Films 
Grown on 6H-SiC Surfaces 

A. Introduction 
There is increasing interest in electronic devices composed of IE-nitride materials for opto- 

electronic applications in the blue and UV region [1]. An alternative application of these 

semiconductors is in electron emission devices. Recent studies have demonstrated that diamond 

surfaces can exhibit a negative electron affinity (NEA). NEA surfaces may prove to be critical 

elements for cold cathode devices, vacuum microelectronics, and photodetectors [2,3]. In 

addition to diamond, thin films of A1N grown on 6H SiC have been shown to exhibit a 

negative electron affinity (NEA) [4,5]. Some A1N NEA surfaces were obtained from air 

exposed surfaces, and do not appear to be readily poisoned. In contrast to diamond, A1N and 

GaN materials exhibit the wurtzite crystal structure. One of the most significant limitations in 

the application of diamond is that reliable n-type doping has not been achieved. In contrast, 

n-type doping has been obtained for GaN and some AlGaN alloys. 

The wurtzite A1N and GaN form a continuous solid solution of AlxGai_xN for 0<x<l with 

band gaps that range from 3.4 eV (GaN) to 6.2 eV (A1N). Figure 1 displays the band gap of 

several materials as a function of the equivalent hexagonal lattice constant. The alloys are also 

miscible with In, hence the inclusion of InN could extend the range to 1.9 eV. The electron 

affinity of a semiconductor is related to the surface dipole and to the fundamental energy levels 
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Figure 1. The band gap vs. hexagonal lattice constant (a) for a variety of wide band gap 
semiconductors. The lattice constant for the cubic materials has been determined 
from the (111) plane. 
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of the materials. Because the valence and conduction bands of the semiconductors have origin 

in the sp3 bonding and antibonding levels, it may be suggested that the larger band gap 

materials will exhibit a smaller or negative electron affinity. In comparison with diamond, it 

might be assumed that AlGaN alloys with a band gap greater than 5.4 eV could exhibit an 

NEA. In this section, studies of A1N grown on alternative substrate orientations are reported. 

The AlGaN films used in this study were are grown on 6H-SiC substrates. The n-type SiC 

substrates used had a small lattice mismatch with A1N (3.08 Ä vs. 3.11 Ä) and GaN 

(a= 3.19Ä). The small lattice mismatch enabled heteroepitaxial growth of the wurtzite (2H) 

structure. Furthermore, the fact that the substrates were conducting avoided charging problems 

associated with photoemission from large band gap and insulating materials. 

The electron affinity of a semiconductor or the presence of an NEA can be determined by 

ultraviolet photoemission spectroscopy (UPS) [6-8]. The experiments described here involve 

directing 21.2 eV light (the He I resonance line) to the surface of the sample and detecting the 

spectrum of the emitted photo excited electrons as a function of electron kinetic energy. 

Typically, UPS is used to obtain a profile of the valence band (VB) electronic states. As such, 

most studies of UPS of semiconductors present data of the most energetic electrons emitted 

from the surface. Electrons scattered to lower energy and secondary electrons will be displayed 

in the spectrum at lower kinetic energies. In addition, for a semiconductor which exhibits an 

NEA surface, a distinctive peak may be observed at the low kinetic energy (highest binding 

energy) end of the photoemission spectra. Figure 2 depicts a schematic representation of the 

photoemission spectra from a semiconductor with a negative or positive electron affinity. The 

low kinetic energy feature is due to secondary electrons which (quasi) thermalize to the 

E„ 

Secondary 
Electrons 

Valence band 

for Positive Electron Affinity 

Eyac for Negative Electron Affinity 

Figure 2.        A schematic of the difference in the photoemission spectra of a semiconductor 
with a positive or negative electron affinity. 

170 



conduction band minimum. Note that the solid line indicates a material with a positive electron 

affinity while the dashed line is a feature indicative of an NEA. Samples with both positive and 

negative affinity surfaces will be discussed. 

The sharp features typical of an NEA have been observed from spectra of (111) and (100) 

diamond surfaces [6-10]. In the studies of diamond, a correlation was made between the 

presence of hydrogen and the NEA peak [9,10]. In addition, it was also shown that thin metal 

layers such as Ti or other moderate work function metals could induce an NEA on the diamond 

surface [10,11]. These measurements verify that the surface dipole can be influenced by 

surface processing and that the effects contribute to the observation of an NEA. 

B. Experimental Procedure 

The 6H-SiC substrates used in this study were supplied by Cree Research, Inc. The 

samples were n-type with doping concentrations of 1016 to 1018/cm3. To avoid surface 

contamination the AlGaN samples were grown in the integrated UHV transfer system by gas 

source molecular beam epitaxy (GSMBE). This allowed the alloys examined in this report to be 

completely studied in vacuum. This transfer system included the UPS system, LEED, Auger, 

hydrogen and argon plasma processing chamber, and XPS as well as the GSMBE. The system 

is described elsewhere [9,11]. 

Nitride thin films were previously grown on n-type, Si-face oc(6H)-SiC(0001) substrates at 

1000-1050°C. The as-received SiC pieces were degreased, dipped into a 10% HF solution for 

10 minutes to remove the thermally grown oxide layer and blown dry with N2 before being 

loaded onto the transfer system. Several compositions were examined including pure A1N and 

GaN. 

The growth took place in a GSMBE. The cleaning procedure is described above, once in 

vacuum the substrate was annealed in a silane flux [12]. The samples were not intentionally 

doped, but since very thin films were employed, charging problems were avoided. Al and Ga 

are solid sources in K cells while Ammonia (NH3) provides the N source. 

The UPS measurements were excited with 21.21 eV radiation (He I resonance line), and 

emitted electrons are collected with a hemispherical energy analyzer. The base pressure of the 

UPS system is 2xl0-10 Torr, and operating conditions involve pressures up to lxlO'9 Torr, 

but the higher pressure was due to the helium inflow and does not contaminate the sample. The 

50 mm mean radius hemispherical electron analyzer was operated at a 0.15 eV energy 

resolution and a 2° angular resolution. The analyzer (VSW HA50) was mounted on a double 

goniometer and can be tilted with respect to the sample in two independent directions. The 

samples were fastened with tantalum wire to a molybdenum sample holder. The sample holder 

is biased by up to 3 V to allow low energy electrons to overcome the work function of the 

analyzer. The Fermi level of the system (sample and analyzer) was determined by UPS 
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measurement of the sample holder with no sample bias (i.e., grounded). The sample holder can 

be heated to 1150 °C, and the temperature was measured by a thermocouple. 

C. Results and Discussion 

The UV photoemission spectra of four representative samples studied here are shown in 

Fig. 3. The A1N films were prepared in by GSMBE and transferred under UHV to the 

photoemission system. Samples were biased with 2-3 V to overcome the work function of the 

analyzer, and all spectra were shifted to be aligned at the valence band maximum. The spectra 

were scaled such that the strongest emission was the same for all curves. 

A more precise description of the relation of the NEA is obtained from the spectral width. 

The spectral width is obtained from a linear extrapolation of the emission onset edge to zero 

intensity at both the low kinetic energy cutoff and at the high kinetic energy end (reflecting the 

valence band maximum). For a material with a positive electron affinity, Fig. 2 shows that 

X = hv -Eg -W, and for a material with a negative electron affinity Fig. 2 indicates that 

0 = hv -Eg -W, or rewriting, hv = Eg + W. Note that the photoemission measurements cannot 

be used to determine the energy position of the electron affinity for the NEA case. 

To determine the energy position of the valence band maximum, the spectral gain was 

increased, and the intensity was extrapolated to 0 emission. The spectra are aligned in Fig. 3 at 

the deduced valence band maximum. In applying the relations noted above, the band gap of the 

bulk A1N and GaN must also be known. The literature values of the A1N and GaN band gaps 

are 6.2 eV and 3.4 eV, respectively. 
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Another aspect that is evident from the photoemission spectra is the position of the surface 

Fermi level relative to the valence band maximum. It was found that Ep ranges from 2 to 

3.5 eV above the valence band maximum for each sample. For the Ga rich surfaces, these 

values position EF in the upper part of the gap while the Al rich surfaces' Fermi level is pinned 

roughly midgap. The pinning at midgap may be an indication of increased impurity 

incorporation. In particular, the strong affinity of Al with oxygen often results in increased 

oxygen incorporation for these films. 

While previous results have shown that hydrogen can induce a negative electron affinity 

surface on diamond [7,10], A1N NEA surfaces exposed to H termination and H plasma 

treatment become positive affinity surfaces. It is evident that further studies are necessary to 

characterize the surfaces more completely. 

A1N grown on silicon surfaces were studied also. Samples grown in our integrated system 

showed no LEED pattern and exhibited positive affinity. It was observed that A1N grown on 

(0001) SiC will exhibit positive affinity if no LEED pattern is evident. These two observations 

lead us to conclude that surface disorder tends to produce positive affinity surfaces. 
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Figure 4. Electron affinities of AlxGai-xN alloys vs. Al concentration. The arrow 
indicates that the electron affinity is less than (or equal) 0, but the value cannot 
be determined from the UV photoemission measurements. 
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In previous studies, no effort was made to control the surface termination for these 

samples. For diamond, it was found that the observation of an NEA is critically dependent on 

the surface termination. In this report we have, for the first time, a complete range of alloys 

free of ambient exposure. 

By trial and error, the transition point was determined to be 65 % ± 2 %. This value is 

above the point that growers can currently dope (~ 40 %). 

D. Conclusions 
In summary, features have been observed in the UPS spectra indicative of an NEA surface 

for AlGaN alloys for aluminum concentrations greater than 65%. 

The AlGaN NEA surfaces spectra exhibited both the sharp features at low kinetic energy 

that have been found to be characteristic of an NEA, and the width of the spectra was also 

consistent with the observed effect. 

The surface Fermi level was found to be towards the middle of the band gap for the 

samples, and this may indicate oxygen impurities below the surface as AES shows no or little 

oxygen. 
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XX. Thin Films of Aluminum Nitride and Aluminum Gallium 
Nitride for Cold Cathode Applications 

Cold cathode structures have been fabricated using A1N and graded AlGaN 
structures (deposited on n-type 6H-SiC) as the thin film emitting layer. The cathodes 
consist of an aluminum grid layer separated from the nitride layer by a SiC«2 layer and 
etched to form arrays of either 1, 3, or 5 |im holes through which the emitting nitride 
surface is exposed. After fabrication, a hydrogen plasma exposure was employed to 
activate the cathodes. Cathode devices with 5|im holes displayed emission for up to 
30 min. before failing. Maximum emission currents ranged from 10-100 nA and 
required grid voltages ranging from 20-110V. The grid currents were typically 1 to 
104 times the collector currents. 

The electrical properties of wide band gap semiconductors in combination with the high 

temperature chemical stability make these materials candidates for use in high-ower and high- 

frequency devices. Moreover, wide band gap semiconductors such as diamond [1], A1N [2], 

and AlxGai_xN for x > .75 [3] show promise for use as cold cathode materials since these 

materials have been observed to exhibit a negative electron affinity (NEA). 

The presence of a negative electron affinity for wide band gap semiconductors means that 

electrons excited into the conduction band can be freely emitted into the vacuum. Prior studies 

that detected the presence of a NEA for these materials employed UV photo excitation. Thus, 

carriers excited into the conduction band near the surface could escape and be detected. In 

contrast, for field emission from a NEA material, if electrons can be supplied to the conduction 

band then they would be freely emitted into the vacuum. An ideal wide band gap 

semiconductor would then exhibit a NEA and also sufficient n-type doping to supply electrons 

into the conduction band and to form low resistance contacts. To date, it has proved difficult to 

produce an n-type wide band gap NEA semiconductor. While n-type GaN is routinely obtained 

by Si doping, n-type characteristics of A1N have not been confirmed. 

Much wide band gap field emission research has been dedicated to depositing diamond on 

various field emitting tips [4, 5] or depositing selectively grown GaN pyramids on n-type 

6H-SiC [6, 7]. Indeed, some research has been dedicated to using diamond films for field 

emission device applications [8, 9]. Previous experiments showed that field emission from 

nitride materials exhibited Fowler-Nordheim behavior similar to that from diamond [10]. The 

approach then is to use a planar nitride surface as the emitter rather than a structure that 

deliberately exploits field enhancement at a sharp projection. The advantage of this approach is 

that sputtering and other tip degradation processes are avoided. This approach is similar to 

recently fabricated diamond cathodes [11]. 

The basic approach employed in this study is presented in the nitride cold cathode design 

shown in Fig. 1. An aluminum grid was separated from the nitride emitting layer by a SiC«2 

layer. An array of square emission holes was etched through the aluminum and SiC«2 to the 
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Figure 1. Schematic of the cold cathode structures. The top view (left) shows a 5x5 array 
of emission holes. The Al grid is 1x2 mm, the emission holes are either 1, 3, or 
5 |im, and the hole spacing varies from 5 to 75 |im. The nitride layer is exposed 
through the holes. The schematic cross section (bottom) is across the emission 
holes. The inset shows the nitride layers used in the graded AlGaN devices. 

nitride layer. At the bottom of the emission hole, the electron emission occurred at the vacuum- 

nitride interface induced by the grid voltage (Vg) between the aluminum pad and the backside 

contact. 

Two different nitride emitting layer structures were employed. In one structure, a thin A1N 

layer was deposited on a n-type 6H-SiC substrate. In this case, electrons from the SiC were 

extracted through the A1N layer. A1N had a direct band gap of 6.2 eV while 6H-SiC had an 

indirect band gap of 3.0 eV. The heterojunction conduction band offset between the A1N and 

SiC was between 1.8 to 2.4eV with the conduction band of the A1N above that of the SiC [2]. 

The second approach involved an n-type GaN base layer with an AlxGai_xN graded layer. This 

graded layer varied in composition from x=0.05 at the interface with the GaN base layer to 

x=0.90 at the emitting surface. Electrons were supplied to the n-type GaN and then emitted 
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through the NEA Al rich AlGaN layer. If the grading was completely smooth then there would 

be no sharp barriers for the conduction electrons. 

Prior to patterning, the nitride emitting layer was deposited on a 6H-SiC substrate using the 

metalorganic chemical vapor deposition system described elsewhere [12, 13]. The first 

structure employed a 1000Ä A1N layer deposited directly on the SiC substrate. The second 

structure used a 1000Ä A1N buffer layer deposited on the SiC substrate. The n+ GaN base 

layer was grown on this buffer layer and was l|im thick doped to n=lxl019 cm" with silicon. 

The graded AlxGai_xN layer was 0.5|im thick and was graded from x=0.05 to x=0.90. The 

surfaces of both nitride emitting layers were expected to exhibit a NEA [2]. As shown by 

atomic force microscopy, the nitride films are smooth with root mean square roughness of 

-20Ä on a lxl |im scan. However, cracking of the top surface was observed by scanning 

electron microscopy (SEM) for the graded AlGaN emitting layer. The cracks were -0.1 |im 

wide with an average domain size of 5 |im2 between cracks. 

Fabrication of the cold cathodes is accomplished with a two mask process. A Si02 layer 

(~l|im thick) is deposited on the nitride layer at 400°C by low pressure chemical vapor 

deposition using diethylsilane and oxygen precursors. The grid layer is formed with 200- 

300 nm of thermally evaporated aluminum. The first mask step creates the emission holes 

which are either 1, 3, or 5 |im squares. Square holes were used for convenience of the 

lithography system. The aluminum is patterned with a standard aluminum etch. Reactive ion 

etching (with SF6 and 02) is used to etch the oxide in order to obtain high aspect ratio features. 

Since the RTF, environment may damage the emitting surface, a wet oxide etch is used to etch 

the last -0.1 |0.m of oxide to expose the nitride layer. The second mask step defines the 1x2 mm 

metal pads that form the grids. The last processing step is thermal evaporation of 200-300 nm 

of aluminum onto the backside of the SiC to form an electrical contact. 

The electrical testing system has two electrical probes. One probe is used to make contact to 

the grid and the other probe is used to collect the emission current -1 mm above the holes. In 

this configuration only the total emission current for a single device is obtained. The grid 

voltage can be varied from 0-110 V and the collector voltage from 0-1100V using two Keithley 

source measure units (SMU). The SMU can simultaneously source a voltage and measure the 

current through the circuit The maximum current is limited by the compliance value which was 

1 (iA for the collector probe and 10mA or 100mA for the grid probe. The pumping system is 

oil free and testing is performed at pressures < 5x10  Torr. 

The nitride cathodes were electrically tested directly after processing and no collector or 

grid currents above the noise level were measured for the several devices tested. It was 

determined that a post processing clean was necessary to activate emission from the nitride 

cathodes. Since the aluminum grids are exposed, we are limited to cleans which will not etch 

away the grids or damage the nitride layer. The samples were cleaned ultrasonically in 
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methanol for 10 min. and then subjected to a remote hydrogen plasma clean at 25 mTorr and 

450°C for 10 min. A hydrogen plasma exposure with these parameters has been shown to 

remove hydrocarbons from A1N and GaN surfaces [14]. Also, a hydrogen plasma will remove 

residual photoresist. After plasma exposure, the sample is immediately transported in air to the 

electrical testing system. 

Both A1N and AlGaN cathode structures exhibited collector currents well above the current 

background level. Only cathodes with 5 |im emission holes displayed emission, and the 

cathode lifetimes varied from several up to 30 minutes. For all measurements shown in this 

paper, the grid and collector currents were measured at a constant grid voltage while the 

collector voltage was varied. These measurements were repeated at different grid voltages for 

each device. This procedure was employed to verify that it was indeed the grid voltage that 

induced the emission. No significant direct dependence on collector voltage was observed, but 

the emission signal varied significantly at different times. At a constant grid voltage, the 

varying collector current is attributed to cathode instability rather than to the changing collector 

voltage. 

Identical structures but without emission holes were also fabricated to test the Si02 

properties. These test structures are on the same wafer as the cathodes, and therefore undergo 

the exact same processing and plasma treatments. The oxide breakdown voltage for these 

structures was found to be >800 V which is much higher than the grid voltages of 0-110 V 

used during normal cathode testing. No collector currents above the noise level have been 

measured for the structures without emission holes. 

Figure 2a shows the average current-voltage data for four cathodes that operated for 

~30 min. As expected, the collector current (Ic) increases with increasing grid voltage. The 

collector current and grid current (Ig) were essentially independent of the collector voltage and 

depended mainly upon the grid voltage as shown in Figure 2b. This AlGaN cathode had the 

largest collector current of the graded film devices measured (Ic = lOnA). Grid currents for the 

AlGaN devices were 103 to 104 times the collector current. The electrical measurement was 

improved and the noise baseline was reduced for the A1N devices. Similar data was obtained 

from the A1N cathodes with the ratio of the grid current to the collector current ranging from 

1-100. 

The cathodes that functioned followed similar patterns during testing. Initially, the grid 

current would be high, either 10 or 100 mA, depending on the SMU compliance value, and no 

emission was detected at the collector. Then the grid current would drop and a collector current 

could be measured. SEM of the cathodes after testing revealed evidence of melting of the 

aluminum grid layer around the emitting holes and at the point of contact between the aluminum 

pad and the grid probe. The emission holes would be enlarged and rounded, and sometimes 
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Figure 2. a) Current-voltage characteristics for four cathode devices. The open and closed 
triangular markers represent data obtained from devices with the thin A1N 
emitting layer and the graded AlGaN emitting layer, respectively. The up and 
down triangles are associated with different devices. The electrical 
measurements were improved for the A1N devices which lowered the noise 
baseline, b) Grid and collector currents obtained from an AlGaN cathode with 
Vg = 20V. 

more severely damaged. This effect is attributed to either current flowing along the sidewalls of 

the emission holes or electrons emitted from the nitride surface and then collected on the 

aluminum grid. We suspect that after the H-plasma clean, a conducting residue coats the sides 
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of the emission holes. This creates a short between the grid and the nitride layer. During initial 

device testing, a high current flows through the residue which eventually decomposes the 

residue, and the current may also melt areas of the grid around the holes. After this 

decomposition occurs, an electric field can build up at the nitride surface and electron emission 

is detected. We also suspect that the devices with 1 and 3jim holes do not function because of 

residue that remains after processing. 

It is difficult to make a quantitative comparison between the two nitride emitting layers. 

This is primarily due to the limited lifetime of the devices. As a result, data was not obtained 

from all devices under identical voltage conditions. In general, the AlGaN devices required 

lower grid voltages than the A1N devices to begin operating. However, once emission was 

achieved, similar collector currents were obtained for both emitting layers. In addition, the high 

grid currents obtained preclude a Fowler-Nordheim analysis of the collected current. 

We suggest several changes for improved operation of the nitride cathode devices. The A1N 

buffer layer required for high quality growth may be a significant barrier for the emission 

particularly from the graded films. A top contact type structure in which the electron supply 

contact is made to the n-type GaN layer would circumvent this problem. It is also apparent that 

improved fabrication processes are necessary. In addition further studies are required on the 

effect of various surface treatments on the electron emission from A1N or AlGaN layers. 
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ABSTRACT 

The results of theoretical studies of the bulk and interface properties of nitrides are 
presented. As a test the bulk properties, including phonons of GaN at the T-point, are cal- 
culated and found to be in excellent agreement with the experimental data. At interfaces, 
the strain effects on the band offsets range from 20% to 40%, depending on the substrate. 
The AIN/GaN/InN interfaces are all of type I, while the Alo.5Gao.5N on A1N zinc-blende 
(001) interface is of type II. Further, an interface similar to those used in the recent blue 
laser diodes is of type I and does not have any electronically active interface states. The 
valence band-offset in the (0001) GaN on A1N interface is -0.57 eV and the conduction 
band-offset is 1.87 eV. 

INTRODUCTION 

Interest in wide band-gap nitrides is stems from possible applications in blue/UV light- 
emitting diodes and lasers, and in high-temperature electronics [1, 2]. The recent demon- 
stration of stimulated emission in the blue region has served to highlight the potential of 
nitride-based devices. [3] 

In this paper we describe several of our recent results [4] concerning the bulk properties 
of the III-V nitrides and their interfaces. 

Using novel pseudopotentials that permit the treatment of the Ga 3-d and In 4-d 
electrons as core electrons, we have investigated the bulk properties of the nitrides and 
also phonons in GaN. With these pseudopotentials, we have also studied interfaces of 
AIN/GaN/InN [4]. The calculated values of the valence-band offset for A1N on GaN is 
-0.44 eV, while for GaN on A1N it is -0.73 eV, indicating that the effects of strain on the 
valence-band offset are significant. The band offsets between A1N, GaN and InN were 
computed using the A1N in-plane lattice constant and including strain effects. They are 
all of type I and the transitivity rule is satisfied. We have also studied the zinc-blende 
(001) Alo.5Gao.5N on A1N and Al0.2Ga0.sN on In0.iGao.gN interfaces in the virtual crystal 
approximation. The latter is based upon the laser diode of Nakumura et al. [3]. 

The standard ab initio plane-wave pseudopotential method was employed in the calcu- 
lations. For the phonons, density functional linear response theory [5] was used. Further 
details can be found in Ref. [4]. An efficient multigrid-based method that uses a real-space 
grid as a basis was also used in connection with a large cell in order to simulate an interface 
based on the recently demonstrated blue laser diode [6]. 

BULK PROPERTIES 

The calculated bulk properties are presented in Table 1. In general, agreement with 
experiment is excellent [4]. 
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A1N GaN InN 

zinc-blende 

a0 (Ä) 4.37 (4.38) 4.51 (4.50) 5.01 (4.98) 
BQ (MBar) 2.02 (2.02) 1.92 (1.90) 1.58 (1.37) 
ET (eV) 4.09 2.15 (3.45) 0.16 

AEvbw (eV) 14.86 15.73 14.01 
wurtzite 

a (A) 3.09 (3.11) 3.20 (3.19) 3.55 (3.54) 

c/a 1.62 (1.60) 1.63 (1.63) 1.63 (1.61) 
u (units of c) 0.378 (0.382) 0.376 (0.377) 0.375 
BQ (MBar) 1.99 (2.02) 1.91 (1.95, 2.37) 1.62 (1.26, 1.39) 

Ev (eV) 4.44 (6.28) 2.29 (3.50) 0.16 (1.89) 
AEvbw (eV) 14.89 15.60 14.00 

Table 1: Calculated bulk 
properties of zinc-blende 
and wurtzite nitride semi- 
conductors. The values 
of the gap at the F-pt 
(Er) and of the valence- 
band width (AEvbw) are 
the LDA results. Note 
that the LDA indirect 
gap in zinc-blende A1N is 
3.2 eV. Experimental val- 
ues are in brackets and 
follow Ref. [7]. 

For comparison, the bulk properties of GaN were calculated with the 3d-electrons of 
gallium as valence electrons after Ref. [7]. With a cut-off of 240 Ry, we find a0 = 4.46 Ä 
and B0 = 2.14 Mbar. The quality of agreement of this result with experiment is of the 
same order as our calculations employing pseudopotentials with the d-electrons in core. 

Table 2: Elastic constants calcu- 
lated for zinc-blende A1N, GaN 
and InN (in units of MBar). The 
experimental values, in brackets, 
are from Ref. [8]. 

The calculated elastic constants are shown in Table 2. These elastic constants were used 
to determine the strain present in interfaces. In addition, we have calculated the band- 
gap deformation potential for zinc-blende GaN and find it to be -8.9 eV. Experimental 
measurements are available only for wurtzite and they range from -7.8 to -9.8 eV. Since 
in a previous theoretical calculation of this quantity, the values for wurtzite and zinc- 
blende were found to be very close, our results are in good agreement with the existing 
experimental data and we expect that our treatment of strain effects on the band structure 
is accurate. The frequencies of the phonon modes at the T-point are shown in Table 3. 
The agreement with experiment is satisfactory. 

cu  (1011 dyne/cm2) ci2 (10n dyne/cm2) 

GaN 26.62 (26.4) 15.49 (15.3) 

A1N 24.85 13.37 

InN 20.24 12.96 

Present Theory Experiments 

E2- 138 144 

B} 334 — 

Ai 556 533 

Ei 568 560 

4 574 568 

&\ 694 — 

Table 3: Phonon dispersion at 
T in wurtzite GaN. Experimental 
data are from Ref. [8]. 
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INTERFACES OF WIDE-GAP NITRIDES 

Superlattices based upon the nitrides will be strained as a result of the lattice-mismatch 
between A1N and GaN (2.5%) and between InN and A1N (12.1%). The interface energy, 
defined as the excess or deficit energy due to the presence of the interface, is extremely 
small, namely ~ 1 meV/atom, which is of the order of the precision of the calculations. 
The interfaces therefore show similar bonding characteristics. 

The band offsets of the strained heterojunctions have also been studied. As the elastic 
energy of GaN on A1N is lower than the elastic energy of A1N on GaN, A1N is taken to 
be the substrate in all of the cases presented below. The valence-band offsets shown in 
Table 3 indicate that the effect of strain on the value of the valence-band offset in GaN 
on A1N is significant. In each case, VBOave was computed from the average of the split 
valence-band manifold. 

Table 4: Electrostatic potential 
line-up AV and valence-band 
offsets, VBO and VBOave- All 
quantities are in eV and are 
quoted with respect to A1N. 

A^ VBO VBOave 
A1N lattice constant 1.05 -0.73 -0.55 

Average lattice constant 0.33 -0.58 -0.53 

GaN lattice constant 0.74 -0.44 -0.53 

We also investigated the band offsets of the (001) GaN on A1N, InN on A1N and InN on 
GaN strained heterojunctions. The band offsets are shown in Figure 1. In determining the 
conduction-band;.offsets, the conduction band minima were shifted to their experimental 
values using the so-called scissors operator. In each case, the interface is of type I and, 
overall, the transitivity rule is satisfied. Further, there are no interfaces states in the gap 
of the superlattice and the states at the top of the valence band are largely confined to the 
epilayer with the smaller gap. 

AIN    GaN A1N     InN GaN    InN 

CB 

VB 

0.75 eV 

0.73 eV 

1.95 eV 

1.37 eV 

  

Figure 1: Calculated band offsets for the three interfaces described in the text (an AIN 
substrate is assumed). 

The case of the wurtzite (0001) GaN on AIN interface was examined. As for the (001) 
interfaces, strain effects were included using macroscopic elasticity theory [10] and a total 
energy optimization. The calculated valence-band offset is estimated to be -0.57 eV. This 
value is smaller than the result for the s'trained non-polar (001) GaN on AIN interface. 
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The ratio of the conduction-band to valence-band offset is 65:20. These values agree well 
with the experimental measurements of the (0001) wurtzite interface [11]. 

The low symmetry of the wurtzite system means that pyroelectric and piezoelectric 
behavior may be present[12]. In accordance with the observations of Satta and coworkers 
[15], we find that there is a substantial electric field in (0001) strained GaN on A1N. We 
have calculated the spontaneous bulk polarization of unstrained A1N and the strain induced 
polarization for the GaN epilayer [16] in order to distinguish the bulk pyroelectric and 
piezoelectric contributions to this field from that induced by the interface. The spontaneous 
polarization (P3) of A1N and GaN in equilibrium are -1.227 //C/cm2 and -0.448 //C/cm2 

respectively; the polarization of the strained GaN is -0.454 (j,C/cm2. These values are 
comparable to the computed bulk polarization in BeO [16]. The estimated contribution of 
the interface dipole, which includes the response of one epilayer to the field of the other, 
is only 0.057 fj,C/cm2. It is an order of magnitude smaller and has the opposite sign to 
the bulk polarizations. The computed value of the polarization in the multi-quantum-well 
agrees with that estimated from experiment by Martin et at. [11]. 

The band offsets can be tuned both through changes to the strain in the system and 
changes to the electronic structure accomplished by alloying. The virtual crystal approxi- 
mation, in which the pseudopotentials of the constituent species are averaged according to 
their fractional composition [17], is the theoretical tool by which this was achieved. Strain 
effects were explicitly included using macroscopic elasticity theory (using the theoretically 
determined elastic constants) and a total energy minimization. The values for scissors cor- 
rections of the band gap of the alloys were estimated using a Vegard-type rule, namely the 
gap of the alloy was taken to be the average of the band gap of the pure phase weighted 
by its fractional composition. 

We first analyzed the behavior of the zinc-blende (001) Alo.5Gao.5N on A1N interface. 
As opposed to the situation in the pure nitride interfaces, this particular alloy interface is a 
staggered type II interface and a change in the character of the interface is to be expected 
upon variation in the Ga concentration. In pure zinc-blende A1N, the gap is indirect 
(T\ —> X[), while the gap in pure zinc-blende GaN is direct. In superlattices grown along 
the (001) direction X is folded into Y and the gap is determined by the smaller of the two. 
In the alloy, the gap at V is much more strongly dependent upon the gallium composition 
than is the gap at X. Consequently, the dependence of the conduction band offset on 
gallium concentration has two distinct regimes: for small gallium concentrations, (< 50%), 
where the gap is at X, AEgap is small, the VBO dominates and the interface is of type II; 
for large gallium concentrations, where the gap is at T, the larger difference in the gaps 
make the interface of type I. This behavior is common to other systems, like Ali_xGazAs 
on AlAs, where the same effect has been experimentally observed [18]. 

In the same theoretical framework, we also studied an alloy interface based upon the 
nitride-based multi-quantum-well structure that Nakumura et al. [3] used to demonstate 
stimulated emission in the blue region of the spectrum. The band offsets are for the valence 
and conduction band -0.26 eV and 0.70 eV respectively. The interface is of type I and 
there are no interface states in the gap. To verify this latter conclusion, we have simulated 
the multi-quantum-well using a 192 atom cell in which we have not made the virtual 
crystal approximation but, rather, have used a number of atoms exactly corresponding to 
the concentration of each epilayer, namely Al0.2Ga0.sN and Ino.1Gao.9N. This calculation 
confirmed the absence of electrically active interface states. 

The omission of the anion p- and cation d-state repulsion [9], spin-orbit effects and 
the well-known neglect of many-body effects in the LDA constitute the major sources of 
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systematic error. Spin-orbit effects in both A1N and GaN have been shown to be of the 
order of 20 meV, so that their difference is indeed negligible [19]. In GaN on A1N interfaces, 
the inclusion of the 3d-electrons as valence electrons results in a constant shift of 0.2 eV, 
which is less than the experimental error [11], and does not change the character of the 
interface. Incorporating this shift gives results in agreement with previous estimates using 
a d-valence pseudopotential [20] and an all-electron calculation [21]. The importance of 
many-body effects on the band offsets is not known. 
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