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Project Summary

In an effort to understand the detailed mechanisms involved in the plastic deformation of
crystalline materials, the atomic level structure of dislocations has been studied in B2 ordered
intermetallic alloys. High resolution electron microscopy (HREM) has been used to directly
image dislocation cores in NiAl, CoAl and FeAl alloys. Alloys have been studied with
stoichiometric and non-stoichiometric compositions. The observed structures have been related
to the mechanical behavior observed in these alloys. The experimentally observed dislocation
core structures have been compared to theoretical structures modeled (under ONR support) by
Prof. D. Farkas. This has led to a critical analysis of the model structures and improvement in
the modeling approaches, in particular for non-stoichiometric alloys.
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The primary objective of this study it to gain a better understanding of the structure of
dislocations in B2 alloys and to relate this understanding to the observed mechanical behavior
of these alloys. The details of this work has been documented in a number of technical papers
which are included at the end of this report. This report will summarize these results by
outlining the highlight of the research. Additionally, a summary of the technical presentations
and research publications is included, along with a listing of the personnel involved in the
program and resulting educational degrees.

INTRODUCTION

Dislocation Core Structures

It has been known for some time that the deformation behavior of materials at low to
moderate temperatures is controlled by the motion of dislocations. In turn, the motion of
dislocations is dictated by the atomic level structure of the dislocations. This "core structure"
has thus been an area of keen interest in understanding the mechanical behavior of materials.
For example, the deformation behavior of bcc metals has been rationalized [1] based on the core
structure of 1/2<111> screw dislocations which relax with a three fold symmetry resulting in a
non-planer structure.

The structure of dislocations cores has been examined using theoretical models such as
simple pair potential models, volume dependent pair potential models and the embedded atom
method. These computational approaches have been used to model dislocations in bce, L1, and
B2 alloys {2-11] resulting in a wide variety of core structures for different dislocations.

While theoretical modeling of dislocation cores in metals has been extensive, only limited
experimental observations have been reported. This is due to the fact that only recently have
microscopes with atomic level resolution become available. Examples of experimental studies
of dislocation cores in L1, are given in [12-13]. These studies reveal that experimentally
observed structures do not always agree well with predicted model structures. Thus in order to
have complete confidence in the computational approach to understanding dislocation cores, more
interaction between experimentalist and modelers is need.

Overview of B2 Aluminides

While the B2 intermetallic aluminides are of interest as potential materials for moderate
to high temperature structural applications, these materials also make an interesting class of
materials to study dislocation cores. While these materials are generally considered to have low
ductilities and toughnesses at ambient temperatures, there are variations in the mechanical
behavior and observed dislocations which make them of interest.

NiAl and CoAl have high moduli (230 GPa and 296 GPa respectively), and almost
identical melting temperatures (1913 K and 1921 K) and lattice parameters (0.288 nm and 0.286
nm) [14]. Both of these alloys deform predominantly through the motion of <100> dislocations,
with other dislocations such as <111> and <110> occasionally being observed [15-23]. However,
significant differences in the mechanical behavior of these two alloys have been reported. While
limited ambient temperature tensile ductilities have been reported in NiAl [24], CoAl is believed
to be completely brittle at these temperatures. The most striking difference in these alloys is at
higher temperatures where the creep strength of CoAl is as much as 1.5 orders of magnitude
greater than NiAl [25-27]. This is despite the fact that the self diffusion rates in these alloys are




similar at the tested temperature [25], suggesting that fundamental differences in dislocation
mobility may be involved. Another interesting feature of the mechanical behavior of NiAl and
CoAl is that the strength increase dramatically at the composition is shifted away from the
stoichiometric 50at.%Al composition [28].

The mechanical behavior of FeAl differs greatly from that observed in NiAl and CoAl
First, FeAl has its greatest strength at or near the 50at% composition. Fe-rich deviations from
stoichiometry (note Al-rich deviations move the alloy out of the single B2 phase field) result in
dramatic decreases in strength. In fact, substantial ductilities can be achieved in Fe-rich alloys
[29]. Unlike NiAl and CoAl, the room temperature deformation is dominated by <111>
dislocations in FeAl [30,31]. However, a shift to <100> slip is observed at moderate temperature
[30].

Research Objectives

Because of the differences in mechanical behavior between the different B2 aluminides
and because changes in stoichiometry play a significant role in the mechanical response of these
materials, the objective of the present program has been to characterize the role dislocation core
structure plays in the behavior of these alloys. In order to observe the core structure of these
dislocations, high resolution electron microscopy [HREM] has been employed to directly image
the atomic structure of some of the dislocations involved in the deformation of these alloys. It
should be noted that experimental constraints of the HREM technique limit types of dislocation
which can be observed. This study has focused primarily on the <100> dislocations in NiAl,
CoAl and FeAl deformed at elevated temperature. In addition to stoichiometric alloys, this study
has examined a number of non-stoichiometric alloys to explore the role alloy composition plays
in determining the core structure.

A critical aspect of this program has been comparison of experimental images with
theoretical models. Parallel to the present program, Professor D. Farkas of Virginia Polytechnic
Institute has been working under an ONR grant performing EAM calculations of dislocations in
these materials. Significant interaction between her group and the MSU group has taken place
in order to make critical comparisons between theoretical and experimentally observed structures.
Comparisons have been made by using the model structures as a basis for HREM image
simulation. This has lead to considerable feedback on the modeling procedures and
improvements in the modeling approaches.

RESEARCH HIGHLIGHTS

As noted above, reprints of technical papers which give the details of the present work
are attached to this report. These papers include high quality images of the dislocation cores
observed in this study, and consequently, additional images are not given in the body of this
report. However, a written summary of the research highlights will be given.

Dislocation Cores in NiAl

The dislocation which best lends itself to core examination in NiAl alloys is the <100>
edge dislocations which glide on {001} planes. The resulting line direction is a <010> type,
which allows the crystalline lattice to be resolved down a low index zone while revealing the
edge components of the dislocations. These <100>{001} edge dislocations are commonly
observed in NiAl deformed at moderate to high temperatures, and appear to be critical to the
deformation of these materials. Additionally, this same dislocation type is observed in CoAl and




FeAl alloys under various conditions, allowing comparison of the cores to be carried out in a
systematic manner.

The <100>{001} edge dislocation core in stoichiometric Ni-50at%Al was found to be a
compact core with no visible dissociation in to partial or fractional dislocations. That is, the
dislocation has a narrow core, with most of the displacements located close to the center of the
dislocation. No significant displacements normal to the slip plane were observed. When
compared to the theoretical structure modeled by D. Farkas, this dislocation core is in good
agreement.

In order to examine the effect of alloy stoichiometry, Ni-48at%Al and Ni-52at%Al were
examined. In these cases, the <100>{001} edge dislocation cores were found to be wider, with
significant displacements occurring a few atomic planes from the center of the dislocations.
Also, in contrast to the cores observed in the stoichiometric alloy, substantial displacements
normal to the slip plane were observed. The non-planer nature of the displacements in these
cores may be associated with the increased strength and hardness in these non-stoichiometric
alloys. In an effort to model these changes in structure resulting from changes in composition,
D. Farkas computed cores with changes in chemistry at the center of the core, as the center of
the core should be the most energetically favorable site for substitutional atoms. This approach
did not however lead to changes in model core structure consistent with the experimentally
observed structures. Consequently, D. Farkas has developed more complex models for off
stoichiometric alloys which account for random substitutional atoms throughout the structure in
addition to local chemistry changes in the core region. These more computational intensive
models appear to more accurately reflect the experimentally observed structures in these non-
stoichiometric alloys.

Dislocations in CoAl

Because the general aspects of deformation and dislocations in deformed single crystal
B2 CoAl alloys have not been investigated previously, prior to undertaking an analysis of
dislocation cores in these alloys, it was necessary to examine the general aspects of single crystal
slip in these alloys. These studies revealed that many of the deformation characteristics in single
crystal CoAl are similar to NiAl. However, at moderate temperatures, in addition to <100>
dislocations, significant numbers of <110> and <111> dislocations are also active. At higher
temperatures, <100> are typically observed forming junctions with <110> dislocations.

The <100>{001} edge dislocation cores in CoAl were in many ways similar to those
observed in NiAl In the stoichiometric Co-50at%Al alloy, the cores were again compact with
no evidence of dissociation. Again, no significant displacements normal to the slip plane were
observed. Thus, based on the observed structures, there are no clear reasons for the higher
strength observed in CoAl. The enhance strength may be solely a result of higher bond strength
which should result in increased resistance to dislocation slip.

The dislocation cores observed in the off-stoichiometric Co-Al alloys were somewhat
different than those observed in the Ni-Al alloys. All of these observed cores were very
compact, characterized by very narrow cores. However, like the non-stoichiometric Ni-48at%Al
and Ni-52at%Al alloys, significant displacements normal to the slip plane were observed. In
particular, very large displacements normal to the slip plane were observed in Co-52at%Al. It
should be noted of all the alloys tested Co-52at%Al displays the highest strength.

Dislocation Cores in FeAl

The dislocation cores observed in the B2 FeAl alloys were significantly different than
those observed in NiAl and CoAl. While <100>{001} edge dislocation cores were imaged, their




structures tevealed significant dissociations. Some of the observed structures displayed
significant glide dissociations in the {001} glide plane. However, a greater number of the
observed cores revealed substantial climb dissociation components. That is, the dislocations were
observed in configurations which could only be achieved by the incorporation of vacancies into
the core region of the dislocation. While these structures are significantly different than those
observed in CoAl and NiAl, the fact that climb dissociation is readily observed in the FeAl alloys
may not be surprising. It is well known that excess thermal vacancies can lead to significant
strengthening of FeAl alloys cooled from elevated temperatures [32]. However, the exact
mechanism have not been clear. The results of the present study indicate that excess vacancies
are easily incorporated in to the dislocations in these materials. The resulting structures are in
configurations which cannot slip without re-associating into planer configurations. That is, as
a result of the climb dissociation observed in the present study, the dislocations become
immobile, and strengthening should be expected.
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Dislocation core structures in B2 N1Al alloys

M. A. Crimp, S. C. Tonn and Y. Zhang

Department of Materials Science and Mechanics, Michigan Staze University, East Lansing, MI 48824-1226 (USA)

Abstract

Single crystals of Ni-48Al. Ni-30Al and Ni-32Al have been deformed in the {101} orientation. Slip trace and diffraction
contrast Burger's vector analyses have been used to characterize the deformauon characteristics of these alloys. Ni-30Al
was found to display predominantly (0013100} slip with some limited 0013100} slip while the non-stichiometric
Ni-48Al and Ni-52:A1 exhibited a predominance of :001%4100! slip with limited (0014110t dislocation motion. Direct
imaging of the (001100} edge dislocation cores by high resolution electron microscopy revealed differences between
Ni-50Al and Ni-48Al. Cores in the Ni-48Al were found to dispiay significantly greater spreading of the cores. both
within and normal to the slip plane. than for Ni-30Al The mechanical behavior of these alloys is rationalized in terms of
these observations. Comparison of the expenimental core images with simuiated images based on embedded atom models
of the cores indicates that the models are able accurately to predict core structures in stoichiometric allovs. but may have
some limitations in predicting structures in non-stoichiometric allovs.

1. Introduction

The B2 intermetailic aluminides have received
considerable attention for their potential use in high
temperature corrosive environments. They possess
high melting temperatures and large concentrations of
Al which make for significant weight savings and
oxidation resistance. However. these B2 compounds
are inhibited by their lack of ambient temperature
ductility and toughness. These restrictions not oniv
place limitations on possible applications of these
materials but also inhibit the fabricaton and forming
capabilities of the materiais which currentiy hinders
their commercial development. This lack of toughness
is the resuit of either an inherently fow cleavage stress
or the inability to initate significant plastic tlow
through the activation of dislocation slip. [t is ot
interest to gain a better understanding of the mecha-
nisms which govern the inidation of plastic deforma-
tion and the slip of dislocations in these compounds. A
hetter understanding ol the core structure ol disloca-
tions found in these materials. specitically in NiAl may
provide a basis for the encouragement ol the utilizauon
of intermetallic aluminides. Experimental evidence ot
the distocation core structure mayv aiso provide a better
understanding oi how the core intluences the deforma-
tion properties of B2 ordered materiais in general.

The motion of screw dislocations with 1727111
Burger’s vectors has long been known to control the
mechanical behavior of b.c.c. tvpe materials. The core
structure of these screw dislocations governs the
motion of these dislocations 1. Computer models

o2 -Fowd Ul SHU0

indicate that these screw dislocation cores relax with a
three fold symmetry resulting in a non-planar core
geometry | 2-31. In order for the dislocations to slip and
cause plastic flow. this non-planar core must be trans-
formed to a planar contiguration tor the dislocation 1o
move on any given slip plane. The stress necessary to
transtorm this core. which is directly responsible for
critical resolved shear stress : CRSS% is the controlling
factor in the plastic deformation.

Using pair potential models. several investigators
have performed theoretical reluxations to study the
core structures of the dislocatons observed in B2 com-
pounds i6-10{. The core structure of the 1 2 111
superpartial screw dislocation in the B2 structure was
found to be similar to the three {old relaxation found in
the b.c.c. structure. The overall disiocation structure is
made up of two 1/2/111: dislocations separated by an
antiphase boundary tAPB® 0-5i. However. there i
<ome disagreement as to which slip plane these screw
distocations slip on. 111" dislocations with higher
APB energies have been caleulated to siip on <110
planes whereas 111 dislocatons with lower APB
cnergies have been caleulared 1o siip on : 1127 planes
6. However. it has been observed experimentaily that

L1 dislocanons siip on either -1127 or 110! planes
recardless of the APB energy v Thus. it appears that
the compiex interactions between the dislocauon core
and APB energy arc not completely understood.

1003 and - 110y tvpe dislocation studies can aiso be
‘found in the literature . 7. 101, Screw dislocations of
these tvpes have been found to reiax in planar rashion
on 10117, Hence it is expected that slip of these disloca-
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tions should be more easily activated than slip of the
(111) screws.

Unfortunately, many dislocation models do not take
into account differences in bond energy and APB
energy for different B2 systems. These models are
based on pair potentials of a generic B2 system {10].
However. many B2 allovs display significant differ-
ences in mechanical behavior. Some compositions such
as FeAl slip with (111) dislocations at ambient tem-
peratures {11-13], whereas other systems such as
AuZn display (100) slip at room temperature [13].
Studies which take into account the individual system
properties may make better predictions as to the core
structure of the dislocations. For example Pasianot er
al. {14] have used volume dependent pair potentials to
determine the structure of (100%{001} and (100){110}
dislocations in NiAl with a variety of line directions.

Many studies have examined the slip systems acti-
vated in NiAl using slip trace analysis and electron
microscopy [15-19]. finding that the preferred slip
svstems involve (001} dislocations moving on ¢ 100} or
1110} planes. Both edge and screw character disloca-
tions have been observed. Some investigators have aiso
shown the operation of (111) slip {20-22]. Like those
in b.c.c. alloys. the (111" dislocations are observed as
long screw dislocations with only limited edge com-
ponent : 211 The ¢111} screw dislocations have been
observed predominantly at low temperatures and in
single crystals oriented near *001% The inability to
observe readily these dislocations under a variety of
deformation conditions suggests that they do not con-
ribute extensively to the deformation of B2 ordered
NiAl contrary to the disordered counterpart b.e.c. A
limited number ot - 1 10 dislocations are also observed
in deformed NiAl (18, 23. 241 Some authors believe
these | 10" dislocations slip independently 118, 23, 245
However. others 1191 suggest that these 110 disloca-
tions are tormed through the interaction of - 100+ tvpe
distocations and do not contribute to the plastic defor-
mation of NiAL

It is the objective of the present study to examine the
slip behavior of single crystal NiAl as a function of
allov stoichiometry and to image directly the core
structure of the - 1003001 edge dislocations using
high resolution electron microscopy t HREM ! These
experimental observations will provide sight as to
how the core structure influences the mechanical
properues oi B2 allovs.

2. Experimental procedure
Nominally stoichiometric Ni-SO0AL single crystals

were provided by the General Electric Aircraft
Engines Division. Cincinnati. OH. while Ni-48Al and

Dislocation in B2 NiAl alloys

Ni-52Al were provided by the Naval Air Develop-
ment Center. Warminster. PA. The bulk single crystals
were oriented to the [101] orientation using back
reflection Laue X-ray diffraction. Gage length com-
pression specimens were cut to a 3:1 length to width
ratio and ground to 600 grit with SiC paper. The speci-
mens were then final polished to 0.1 um with diamond
paste. Compression testing was performed at a nominal
strain rate of 107* s! to approximately 3% plastic
strain at 673 K in a vacuum of 10~ Torr.

The active slip planes were determined by standard
single crystal slip trace analysis using polarized light
optical microscopy. The crystals were then sectioned
parallel to the slip plane with a diamond wafering saw.
Following mechanical grinding to 150 um, specimens
for TEM analysis were electropolished using a twin jet
polisher operated at 12 V with a solution of one part
HNO, to two parts methanol at a temperature of
~30°C. The dislocation Burger's vectors and line
directions were determined by standard g-b=0 dif-
fraction contrast analysis and trace analysis performed
on a Hitachi H-800 transmission electron microscopy
operated at 200 kV.

Once the line direction and character of the disloca-
tions were determined. another set of [101] single
crystals deformed under identical conditions were sec-
tioned perpendicular to the [010] line direction of the
edge dislocations with a Burger’s vector of [001] on the
:100) plane. These sections were prepared by HREM
examination in the same manner as outlined above.
The samples were examined at 350 kV under phase
contrast conditions in a JEOL 4000EX high resolution
TEM to image the dislocation core structure directly.

Simulation of high resolution images of the core
agructure of 100001 edge dislocations was per-
formed using the EMS software package {25]. These
simulations were based on embedded atom models
EAM) of dislocations in NiAl provided by D. Farkas
126]. A number of core configurations with local struc-
ture variations were simulated including stoichiometric
NiAl excess Ni. excess Al Ni vacancy. Al vacancy and
switched positions for the Ni and Al atoms. The EAM
models were pertormed with a super cell which was
two B2 cells thick in the periodic line direction of the
dislocation. -\s a result. the local structure variations
have a periodicity of twice the lattice parameter in the
heam direction. For example. the Al vacancy results 1n
every other Al atom missing at the edge of the extra
half plane of the dislocation.

3. Resuits

The 1101} compression axis was chosen for this
studv in an effort to enhance the cube (00121001 slip
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with a Schmid factor of 0.5 and minimize the
00151110} slip with a Schmid factor of 0.354. The
reasons for this will be explained later. Examination of
the compressed specimens showed a number of differ-
ent sets of slip lines as shown in Fig. 1. The slip trace
analysis revealed the presence of up to four different
active slip planes. (100). (001} and a number of {110t
tvpes in all of the deformed specimens. However. it is
important to note that while the 1110t planes appeared

I frone races of singie

Tio b SHporraces on the o lerr and
crvstal Ni=30AL deformed at 073 K. Trace anadvsis indicates shp
S0 00l I00vand 10T planes.
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more dominant for the Ni-50Al the {100} planes
appeared to be more active in the non-stoichiometric
Ni-48Aland Ni-52Al

Consistent with the slip line observations. TEM
analysis of the materials sectioned parailel to the (001)
plane displayed a number of different dislocation types.
Figure 2 displavs a typical area showing the various
dislocations imaged in the Ni-50Al. An analysis of the
nature of these dislocations is given in Fig. 3. The
substructure consists of three dislocation variants, two
dislocation variants generally lying perpendicular to
each other and lving in the plane of the foil. and a third
type occurring in dense slip bands with the general
dislocation line direction inclined to the foil. The
dislocations Iving in the plane of the foil have been
identified :Fig. 3} as follows. The dislocations labeled
a, have a Burger's vector of [100] and a line direction
of 1010] and are thus pure edge dislocations. The
dislocations labeled a, also have a Burger's vector of
'100¢ but have a zig-zag dislocation line with an
average line direction of approximately {100] and thus
are generally screw in nature. It would appear that
these dislocations are slipping in the plane of the foil.
(001 In addition to these {100] dislocations. [001]
dislocations. with edge segments lying in the plane of
the foil and screw segments lying perpendicular to the
foil. have been observed. These dislocations would be

Fie. 2. Bright fieid electron micrograph of a :001) section of
Ni=30 AL dispiaving distocanions iving in the foil with fine dirce-
sons of 100 and 010 and Jense slip bands ot dislocations
iving inclined to the toil.
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Jlipping in the « 1001 plane perpendicular to the plane  tions. Presumably these are 001% and/or 110}
of the foil. It has not been possible to characterize  dislocations slipping in the 110t planes observed in

unambicuously the dislocations associated with the  he slip trace anaivsis. The ! 00! slip band direction in
dense slip bands tlabeled b in Fig. 3 as these disioca-  the (001 TEM foil would resuit from the intersection
fions show partial invisibility for a number ot reflec-  of the foil with either the 011" plane or the (011
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plane. suggesting slip was occurring in either or both of
these pianes. Occasionaily slip bands resulting from the
other two {110t slip planes which are activated in the
1101] orientation. {1 10) and {1 10, are observed in the
001} foil. The relationships between the active slip
planes. line directions. Burger's vectors and the plane
of the foil are illustrated in Fig. .

Analysis of the dislocations present in the deformed
Ni-48Al reveals that the same slip systems and dis-
location types occur as in the stoichiometric Ni-30AL
However. consistent with the slip line observations.
dislocations slipping on the (001} cube planes were
much more prevalent than in the stoichiometric alloy.
Likewise. dislocations lving on the {110 planes were
not as common in the Ni-48Al alloyv. The detormation
structure of the Ni-32Al was similar to that observed
in the Ni-48Al

As discussed above. sampies for high resolution
slectron microscopy were prepared by sectioning
normal to the ;0101 directton. The reasons for this are
as follows. : 1: To examine a defect using HREM it is
necessarv for the defect to be periodic in the beam
direction : the dislocation line direction must be parallel
to the beam directions.: 2} The defect must have signifi-
cant displacement perpendicular to the beam in order
to be resolved :screw components of dislocations
cannot be imaged!. {3} The materials must be imaged

- 101
(o) [A !
\ [ oI
{110)
[N
. Py . ; .
S~ " /r Ny 911
A AN N
TR A N R : NS
NS B A
71 109)

T bo={001](100)

SO
B Ttane of TEM foil

RH
lane of HHIREM foil

don

10y

ie. 4. Schematie representagon ol rhe singie ervstd compres-
o s MnEes HUSITOTNG 100 roiniensnins setveen the actve ~in
slanes. dislocaton fine directons, Burger s sectors, e 001

PEM foil plane. and the 010 HREM tonl plane,
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down a low index zone such that the minimum pro-
jected interatomic spacing is greater than the resolution
limit of the microscope iin this case 0.17 nm). Of the
dislocations present in the deformed materials. only the
001511001 dislocations meet all of these criteria. Selec-
tion of the {010] beam direction results in both the
[100](001: and [001]100) edge dislocations appearing
end on. A tvpical bright field image of this orientation
of the Ni-30Al is shown in Fig. 5(a) along with a
schematic representation of the dislocation orienta-
tions in the HREM foils {Fig. 3{b)).

Phase contrast images of the (001) edge dislocation
cores of Ni-30Al and Ni-48Al are given in Figs. 6(a)
and 6(b} respectively. While both of these core struc-
tures appear at first to be similar in nature, some subtle
Jdifferences can be observed. Generally. the displace-
ments associated with the cores in the stoichiometric
alloy were found to be significantly more localized than
in the Ni-48AlL The spreading of the distorted core
region in the slip plane is substantially wider in the
non-stoichiomertric Ni-48Al. Additionally, the out of
plane dispiacements perpendicular to the slip plane
and Burger's vector are much larger for this non-
stoichiometric allov. It should be noted that the struc-
ture and atomic displacements of the (001){100}
dislocation cores in Ni-30Al agree quite well with that
observed by Mills and Miracle [26] in deformed
stoichiometric NiAl bicrystals.

Atomic position maps of core structures in Ni-50Al
plotted from atomic positions irom Farkas and Xie |27
and simulated high resolution images for conditions
near Scherzer defocus are shown in Fig. 7. The repre-
sentative simulations presented here correspond to the
<ame conditions of sample thickness and defocus. The
images <how the differences in core structure for the
changes in ocal stoichiometry. It is evident from the
atomic dispiacement maps that while changes in local
chemistry do result in subtle changes in the immediate
vicinity or the core. there is little if any change in the
dispiacement field more than one or two atoms distant
from the core. This is reflected in the image simulations
where onlv minor differences in the image contrast are
noted in the core region as a result of changes in the
fucal storchiometry.

4. Discussion

It is well established that deviations from stoichi-
ometry fead to large mereases in strength of B2 NiAl
aifovs. This was first noted by Westbrook 128 as an
inerease in hardness of both Ni-rich and Al-rich NiAl
refative o stoichiometric NiAl The strengthening was
attributed o defect hardening owing to either substitu-
tional or vacancy defects which increase with devia-
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cons from perfect stoichiometry. Following West-
“rook’s mitial reports. Ball and Smaliman 101 and
Pascoe and Newev 170 found that deviations from
storchiomertry dramatically increase the compressive
vield strength of NiAL Again. the strengthening was
attributed to increases in point defect concentrations
with non-stoichiometric Nioor Al additions. These
studies fed Hahn and Vedula 297 to examine the
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Fig. 7. Atomic position maps based on EAM calculations. and
representative HREM image simulations for stoichiometric
NiAl with local variations in core chemistry. Image simulations
are white atom images for near Scherzer conditions correspond-
ing to a foil thickness of 374 nm and a detocus or o nm.

tensile behavior of NiAl as a function of stoichiometry.
The result was that limited twensile ductility .approxi-
mately 2%} could be achieved in essentially stoichio-
metric NiAL{50.3 £0.2 at Ali while non-stoichiometric
allovs 147.0, 49,4, 51.320.2 atte Al were essentially
brittle.

The results presented in the current study may help
to explain further the role of stoichiometry in the
mechanical behavior of these altovs. The slip wrace
analysis and diffraction contrast electron microscopy
observatons indicate that 001 100! slip becomes
preferred over 0011100 dlip with deviations o
chemistry from Ni-30AlL Of greater significance.
however. is the observation of increased spreading of
the dislocation core. both within the slip plane and
normal to the slip plane as a result of Ni rich devia-
tions. This change in core structure is expected to
affect the critical resolved  shear stress for the
0013100} dislocations. The core relaxatons in the
slip plane act to increase effectively the width of the
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dislocation W. which is a measure of the distance of
lattice distortion due to the dislocation {30]. The
Peierls-Nabarro stress (7,_,) dependence of the dislo-

cation width and the Burger’s vector b has been given
by Hertzburg {30] as

7. o Ge iAW

p-n

where G is the shear modulus. Thus. an increase in the
spreading of the core in the slip plane would be
expected to decrease the critical resolved shear stress.
However. this effect may be outweighed by the effect of
the core spreading normal to the slip plane. As is the
case with other out of plane core dissociations [9], it
will be necessary to compress the core into a planar
configuration in order to initiate slip. The overall affect
of the increased core spreading in Ni-48Al should be
to increase the stress necessary to move the (001){100}
dislocations.

It is important to note that although the core struc-
ture of the 001100} dislocations observed in
Ni-48Al suggests it will become more difficult to move
than in the stoichiometric Ni-S0AL the slip line and
diffraction contrast observations indicate that the
0013{100} dislocations in fact become easier to move
relative to the other dislocations in the system. Thus
while the (001){100} dislocations are undergoing a
change in core structure with stoichiometry, it may be
that the other dislocations. such as the (001){110}
dislocations. are undergoing a more dramatic change in
core structure which affects their mobility more signifi-
cantly.

Because core structures are often studied by com-
puter simulation techniques. it is valuable to compare
the experimental observations with model strnuctures.
The atomic position maps shown in Fig. 7 show that
the EAM models allow for detailed study of the tine
«tructural changes in the cores resulting from local
chemistry changes. These structural changes are some-
what apparent on the corresponding image simulations.
However. when these images are compared with the
experimental core images. it becomes clear that these
fine details may be lost in the background noise. When
the atom positions in the experimental images are
carefullv compared with the image simulations by
overlaving images and measuring displacements. it is
‘ound that the image simulations do in fact match the
core structure of the stoichiometric Ni-50Al very well.
This conrirms the EAM's ability to determine the
overall structure of the dislocation cores in the stoichi-
ometry alloy and the results. not only for the

001410014 dislocations but other dislocations as well.
<hould be accurate. Unfortunately. the EAM model
has not been able to predict accurately the changes in
core structure and spreading which occur as a resulit of
Jeviations in allov stoichiometry. The current model
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has attempted to simulate changes in alloy stoichi-
ometry bv varving the chemistry only at the core of the
dislocation. A more accurate model may be not only to
vary ihe local core chemistry. but also to adjust the
alloy stoichiometry by introducing point defects at
random lattice sites throughout the entire supercell. In
practice. this may be difficult to perform accurately due
to the very large supercell which would be required. In
the current model a supercell which was two B2 cells
thick in the periodic direction of the dislocation was
used for the EAM simulations. If random substitu-
rional defects were introduced into such a supercell.
the defects would. in effect. occur as defect lines in the
periodic direction. To overcome this. it would be
necessary to simulate a much thicker supercell in order
to achieve a reasonable approximation of a random
off-stoichiometric allov. Because of the computation
ames involved with such a large superceil. the EAM
nodel and other modeling techniques may not be
~racuicaily suited for examining the changes in core
<tructure which occur as a resuit ot variations in alloy
sioichiomerry.

3. Conclusions

. The deformation behavior of {101l oriented
single crvstal Ni-48Al Ni-30Al and Ni-32Al has
heen characterized by slip trace analysis and standard
Jiffraction contrast Burger’s vector analvsis. While ail
three compositions deform by a combination of
0011008 and 0011104 slip.  stoichiometric
Ni-3AL displavs a predominance of (001110} slip
vhile the non-stoichiometric allovs showed a prefer-
sceror o TTOship.

2 HREM imaging ot the cores of 001 100! edge
Alstocatons revealed significantly greater spreading ot
“he core displacements both within and normal to the
<lip plane for Ni-48 Al than for Ni-30AL This suggests
that 001 1001 slip and possibly other dislocation slip
mechanisms will be more difticult to activate in non-
-toichiometric atlovs.

2 Comparison of experimental core images with
amulated hmages based on EANM models indicates that
he models predict the core structure accurately for the
<iotchiometric allov. but are limited i their ability 10
eplet core structures in non-stoichiometric allovs.
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DEFORMATION STRUCTURES IN ORIENTED NiAl AND CoAl SINGLE
CRYSTALS DEFORMED AT ELEVATED TEMPERATURE

Y. Zhang, S.C. Tonn and M.A. Crimp
Department of Materials Science and Mechanics, Michigan State University, East Lansing, MI.

48824-1226

ABSTRACT

The deformation characteristics of the B2 intermetallic alloys NiAl and CoAl have:
been examined using single crystals deformed at 673 K in the <110> orientation. Slip trace:
analysis and transmission electron microscopy was used to characterize the deformation.
process. While many aspects of the deformation are similar, some distinct differences were
observed. All of the alloys were found to deform by <001> slip. NiAl was found to deform
by slip on a combination of {110} and {100} slip planes with the predominant slip plane.
being a function of alloy stoichiometry. In contrast, CoAl was found to deform by slip only:
on {100} planes.
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INTRODUCTION

In the search for new high temperature structural materials, the B2 aluminides have:

— received considerable attention due to their high melting temperatures, moderate densities and.

—ipotendal for excellent oxidation and corrosion resistance. Of these -B2 alloys, NiAl has;

‘received the most attention (for review see [1]). FeAl has also received a considerable amount!

"of research attention. However, CoAl has been the focus of very few investigations.:
Presumably, this is due to the reputation CoAl has for extreme brittleness. b
In many respects CoAl and NiAl are very similar. Both of these materials form the!

.- B2 structure via a congruent melting point and have a wide range of solubility. The resulting:
“structures are almost identical in terms of melting temperature (1932 K for NiAl and 1921+ -

K for CoAl) and lattice parameter (0.288 nm and 0.286 nm respectively [2,3]). Conscqucntly,i

the densities are also similar, 5.92 g/cc for NiAl versus 6.08 g/cc for CoAl [2,3] for the:

stoichiometric alloys. ;
Despite these simiiarites, significant differences are noted between the mechanical;
behavior of NiAl and CoAl. These differences were first noted by Westbrook [4] whol--
measured the hardness of single crystals of B2 aluminides. While NiAl and CoAl both display|—
increases in hardness with deviation in alloy stoichiometry from 50 at% Al, Westbrook found| -
that CoAl is significantly harder than NiAl at temperatures ranging from room temperature|
to 1073 K. Additionaily, the hardness of CoAl was found to increase at a greater rate with
deviations from perfect stoichiometry. The higher hardness of CoAl is reflected in yield
strength measurements recently performed by Fleisher [5] on a wide range of polycrystalline
Co-Al alloys tested at temperatures up to 1223!K. When compared with similar tests for NiAl

polycrystals [6,7], it is clear that the yield strength of CoAl is much greater than NiAl.
In addition to being harder and stronger than NiAl at low to moderate temperatures,
CoAl also displays much greater-créep strengths.- ~*Vorking: with single crystals, Hocking,
-Strutt and Dodd (8] found that. depending onistress level, creep strain rates at 1323 K were
at least 1.5 orders of magnitude greater in stoichiometric NiAl than stoichiometric CoAl. This -
is despite the fact that the diffusion rates for these alloys are very similar at this temperature( .
[8]. In polycrystalline materials, Whittenberger [9] also found CoAl to be much more creep]

resistant between 1100 K and 1400 K. However, it was found that the_magnitude of the '
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difference in creep strain rate became smalllcr at very nigh temperature [luUl. 1acsCir—
observations suggest that the enhanced creep strength of CoAl may be attributed to differences| -
in dislocation slip behavior (and associated dislocation creep) and not the diffusional creep|
rate. These creep study results, along with the! observed differences in hardness, indicate that|
there may be significant differences in the stresses necessary to initiate dislocation slip and| _
plastic flow in these materials.
The nature of slip in B2 NiAl alloys has been studied extensively [6,11-19]. At
moderate to high temperatures NiAl displays <100>{001} and <100>{011} slip, depending|
on orientation. If NiAl is stressed in "hard" orientations which inhibit the motion of <100>!
dislocations, <111> slip may be initiated at room temperature [16,20]. Additionaily, <011>.
dislocations have been reported in NiAl [21-22], although it is not clear whether these
dislocations are involved in the plastic flow or are the result of interactons of <100>
dislocatons. ;
As opposed to the large number of slip studies in NiAl observations of dislocations
in CoAl have been limited [8,23-25]. Yaney, Pelton and Nix [24] found that both <100> and:
<111> dislocations were present in polycrystalline CoAl extruded at 1505 K. Both the <100>:
and <111> dislocations were observed with long, straight segments indicating that both types:
were contributing to the plastic deformation [24]. Interestingly, considerable numbers of:
<111> edge dislocations were observed on (110} planes. This is in contrast t0 most bee and;
ordered bee metals, where <111> dislocations are typically observed as screw dislocations. .
Drelles {26] examined the deformation structures in stoichiometric CoAl single crystal.
deformed at room temperature. Except in orientations near <111> where some <001> slip was
observed, the structure was dominated by <111> Burgers vector dislocations. No examples
of <110> dislocations have been observed in CoAl :
In order to understand the pronounced differences in strength and plasticity between’
CoAl and NiAl, the objective of the current study is to characterize the dislocation
substructure in deformed singie crystal CoAl and to contrast it with that observed in deformed
NiAl. This is part of a larger program devoted to the study of the dislocation core structure:
of B2 alloys, with the goal of understanding the differences in the mechanical properties of
these materials. , ;

EXPERIMENTAL PROCEDURE

Single crystal NiAl and CoAl. grown by the Bridgeman method, was obtained. from.-—..-
‘the Navai Air Development Center and GE Aircrart Engines. The nominal composition of
these alloys were Ni and Co with aluminum additions of 48, 50 and 52 atomic percent. The
crystals were oriented to the [011] orientation and sectioned into 10 X 3.5 X 3.5 mm
compression samples. To facilitate slip trace analysis, the specimens were mechanically
polished through 0.1 pm diamond paste. Compression testing was performed at 673 K in a
vacuum of 5x10” pa. The deformation was carried out at a nominal strain rate of 1x10™ s'-
to approximately 5% piastic strain. : P
Standard slip trace analysis was performed on the deformed sampies to determine thei B
active slip planes. Sections were then taken parallel to the slip plane for TEM thin foil[ ™~
preparation. Thin foils were prepared by thinning in a twin jet electropolisher. NiAl samples|
‘were prepared using a. solution”df 'two parts_methanol to one.part. HNO, .a1.-30°C under a:
- potental of 12 volts. The CoAl foils were eiectropolished at -20°C in a solution of 10%! -
~perchloric acid in methanol at 10 voits. § -
B The deformation structures were characterized using standard diffraction contrast| -
" techniques including geb=0 anaiysis. The dislocation line directions, slip planes and Burger’s!
‘vectors were determined. S i
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RESULTS AND DISCUSSION

The [011] orientatdon was chosen for the compression axis in this study in an effort
to enhance <001>{ 100} slip for the purposes of dislocauon core examination. Unfortunately,
this orientation may lead to slip on a number of different planes as two <001>{100} slip
systems and/or up to four <001>{110} slip systems may be activated. The slip trace analysis
of the deformed NiAl single crystals revealed the presence of both duplex {100} and {101}
slip planes (Fig. 1). In the
stoichiometric  Ni-50Al, the
{110} planes appeared to be
dominant, whereas in the off-
stoichiometric Ni-48Al and Ni-
S52Al, the ({001} planes
appeared to be the most active.
In contrast, only duplex {001}
slip was observed in all of the
CoAl alloys as shown in Figure |
2. In these alloys, the primary
effect of off-stoichiometric g
deviations in chemistry was to B
decrease the overall amount of N
observed  slip. This was
particularly tue for the Co-

Figure 1. Examples of slip lines on two perpendicular faces.
48Al where it was difficult to Of deformed stoichiometric <110> NiAl single crystal.
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Figure 2. Examples of slip lines on two perpendicular faces of <110> single crystal CoAl with!
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deform the materials beyond 2% plastic strain. This behavior corresponds 10 the Increases 1n
hardness observed with increased deviation in alloy stoichiometry [4]. In all of the Co-Al
compression samples, a significant kinking was observed.

TEM examinaton of sections parallel to the {001} slip planes revealed a number of
different dislocation configurations in the stoichiometric Ni-50Al as illustrated in Figure 3.
Two types of long straight dislocations lying within the plane of the foil with line directions
of [100] and [001] were observed.
Additionally, heavy dense bands of
dislocadons inclined to the foil, with an
overall band direction in the foil of [001]
were observed. Diffraction contrast geb=0
analysis revealed the straight dislocations
lying in the plane of the foil were [001]
and [010] dislocations with either pure
edge or pure screw orientations. These
dislocations would have moved primarily
on the {100} slip planes. The inclined
dislocations in the thick deformation bands
were found to also have [010] Burgers
vectors. These dislocations which were
predominantly mixed in character were
presumably slipping on the (110) plane.

Electron microscopy observation for
the Ni-rich Ni-48Al and the Ni-poor Ni-
52Al alloys revealed similar-types and
configuradons of dislocations. However,
consistent with the observed shift in slip Figure 3.  Bright field micrograph showing
plane, these off-stoichiometric alloys deformation structure of Ni-50AL
showed an increased density of <001>
dislocations slipping on the {100} slip planes.

The deformed CoAl samples were sectioned parallel to the {010} slip plane in the same
manner as the NiAl materials. The resulting observations for the stoichiometric Co-50Al
summarized in Figure 4. Dislocations, many in the form of elongated loops, are found to lie
within the plane of the foil and are characterized by a general line direction of [100].
Additionally, significant numbers of dislocations appear normal to the foil with a line direction
of [010]. Contrast analysis reveals the dislocations lying in the foil have Burger’s vectors of
both [001] and [010]. These dislocations would be edge dislocations slipping on the (010) and
(001) slip planes respectively. A small number of screw dislocations with Burger’s vector of
(001] have also been observed in the plane of the foil. The dislocations lying normal to the
plane of the foil are a mixture of [010] screw dislocations, corresponding with slip on the
(001) plane, and a small number of [001] edge dislocations, presumably slipping or climbing:
on the (100) plane. For the conditions of [011] deformation at 673 K, only these <001>
dislocations were observed. However, it should be noted that <001>, <110>, and <111>
dislocations have recently been observed in CoAl deformed at higher temperatures using a"
<123> orientation {27]. I -

Analysis of the Co-52A1 (fig._5) revealed the same operative dislocations as.in the:
stoichiometric alloy. Again, only [100] and [001] screw and edge dislocations were present:
in the deformed structure. Unfortunately, due to the extreme brittleness of the Co-48Al it has; -
not been possible to successfully prepare a thin foil. This difficulty is consistent with the! -
increased hardness and limited slip lines observed in this alloy. -

The results presented here indicate that the deformadon of both NiAl and CoAl alloys
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Figure 4. Bright field micrographs illustrating the deformarion structure observed in

stoichiometric Co-50Al.

deformed at 673 K occurs predominantly by
the slip of <001> dislocations. With the
exception of stoichiometric Ni-50Al, the
dominant slip plane is {100} for these <110>
oriented single crystals. Thus it appears that
both the CoAl and NiAl alloys are deforming
by essendally the same slip mechanisms. In
order to rationalize the much greater strength
and hardness of CoAl, it must be assumed that
the <001> dislocatons are fundamentally
much harder to move. That is, they have a
greater critical resolved shear stress. This
occurs although NiAl and CoAl have the same
crystal structure and almost identcal lattce
parameters, and many of their physical

micrograph showing the
dislocaron structure in deformed Co-52Al.

properties, such as melting temperature are similar. It is likely that the differences in
dislocation slip behavior result from subtle differences in the dislocation core structures in
these materials. Recenty [28], we have shown changes in the core structure of <001>
dislocations as a function of stoichiometry for B2 NiAl alloys. These differences have been
related to changes in strength and hardness with changes in stoichiometry [28]. Currently, the
structure of the <001> dislocation cores in CoAl are being examined to determine what role
this structure plays in controlling the mechanical propertes of this class of alloys.

s




CONCLUSIONS

ey
H .

The deformation behavior of B2 CoAl and NiAl single crystals has been examined as!
a function of alloy stoichiometry at 673 K using a <110> crystal orientation. Deformation in| _
NiAl was characterized by <001> slip on both {100} and {110} slip planes. A shift in slip|_.
plane from predominantly {110} for stoichiometric Ni-50Al to predominantly {100} for off l »
stoichiometric Ni-48Al and Ni-52Al was observed. Although the CoAl alloys were more!
brittle than the NiAl alloys, the CoAl materials also exhibited <001> slip. The observed slip:
‘plane for all of the CoAl alloys was {100} regardless of alloy stoichiometry. In general, a,
decrease in slip, corresponding to increased strength, was observed for deviations in chemistry |

form stoichiomewry.
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STRUCTURAL STUDIES OF <100>{001} EDGE DISLOCATION CORES

IN B2 Fe-Al ALLOYS

D. Sharrott, Y. Zhang and M.A. Crimp

Department of Materials Science and Mechanics
Michigan State Universiry
East Lansing, Michigan 48824-1226

Abstract

Stoichiometric Fe-50Al and iron rich Fe-40Al B2 ordered intermetallic single crystals,
oriented near (001), have been compressed to approximately 5% plastic strain at 873 K.
Conventional transmission electron microscopy revealed <100> edge dislocations with <001>
line directions. High resoiution electron microscopy was used to image the detaiis of the core
structure of these dislocations. Fe-40Al <001>{100} edge dislocadon cores were found to be
compact with little or no evidence of core spreading. <001>{100} cores in Fe-30Al were found
in a number of configurations. including glide dissociadon in the slip piane and climb
dissociation normal to the slip plane. Comparison with theoretical stuctures revealed significant
differences in model and experimentally observed stuctures.




Introduction

Dislocation structures have been studied extensively in B2 alloys in order to better
understand the ductility and fracture problems associated with this class of materials. In
particular, NiAl has received the focus of many of these studies. However. FeAl and CoAl
continue to receive considerable attention as well.

The predominant slip modes in NiAl [1-6] are <100>{001} and <100>{011}, in both
polycrystalline and single crystal specimens. <111> slip can be activated at low temperatures
and/or by orienting single crystals to hard orientations (near [001]) [6-11]. In NiAl <111>
dislocations have also been activated by alloying additions {12,13]. However. improvements in
the properties of NiAl have not been realized by the activation of <111> slip. On the other
hand. the toughness of NiAl has been improved through heat treatment control and pre-strain
pressure effects [14-19]. At this point it is not entirely clear what mechanisms are involved with
this improvement in properties.

Deformed CoAl has been found to display predominately <100> dislocations over a wide
range of temperatures [20-22]. However, some <111> and <110> dislocatons have also been
observed [22]. Despite the various types of dislocations observed in CoAl. this alloy suffers
from extreme brittleness, even at relatively high temperatures.

In contrast with NiAl and CoAl. B2 FeAl deforms predominantly by <111> siip at low
to moderate temperatures (23,24]. While this <111> slip in FeAl does not lead to significant
duculity in stoichiometric alloys, iron rich compositions display substannal ductilides and
reasonable toughnesses [25-27]. This appears to be directly related to a decrease in the critical
resolved shear stress of <111> slip with increasing iron rich deviations from stoichiometry [28].
At moderate temperatures, a transition from <111> to <100> slip has been characterized for both
single [23.24] and polycrystalline [29] samples. Materials deformed above this slip transition
display very high ductilities {26]. In addition to <100> siip, there have been limited observations
of <110> slip in these materials [30].

It is well known that the deformation behavior of bcc metals has been related to the core
structure of the <111> screw dislocations as determined by computer simulation techniques [31].
The dislocation core structures in B2 alloys have also been studied by atomistic models in an
effort to relate the core stucture o slip behavior {32-37]. Recent advances in hich resolution
electron microscopy (HREM) have made it possible to experimentaily image seiect disiocation
core structures, thus allowing companison with model structures. This is leading not oniy t0 a
better understanding of dislocation cores and their relatonship to mechanical behavior. but also
provides critical analyses tor current computer models. These comparisons enable improvements
to be made in modeling procedures and interatomic potentials.

In the present study, the core structures ot dislocatons in FeAl are examined at two
stoichiometries. While the core structure of <111> screw dislocations is of keen interest in FeAl
and other B2 materials. limitations in the HREM technique make these cores unsuitable for
study. Thus, <100> dislocations have been introduced during high temperature deformation for
examination. An advantage ot choosing <100> dislocations is that it allows comparison with
<100> core stuctures observed in NiAl and CoAl. which are presently being examined by our
group. These comparisons may lead to a better understanding ot dislocation siip ana mechanical
response of the various B2 aluminides.

Expernimental Procedure

Single crystal compression samples with dimensions Ymm x 3mm x 3mm and nominal
-ompvositions of Fe-30at% Al ana Fe-40at% Al were cut trom buik specimens using 1 hich speed
warering saw. Bulk specimen dimensions iimired the seiection of deformauon uxes 1o
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Fig. 1. Standard Stereographic triangles showing single crystal compression axes for (a) Fe-
40Al and (b) Fe-50AL

orientations near {001] as shown in fig. 1. In order 1o encourage the activation ot <100> slip,
deformation was carried out at 873 K (~0.67Tm). Compression was carried out in vacuum at
a nominal strain rate of 2.5x10*/sec to approximately 5% plastic strain. Specimens were furnace
cooled following release of the deformation load. Slip lines were observed using optical
microscopy with polarized light. Slip planes were determined by standard two face slip trace
analysis.

Thin foils for conventional TEM were prepared by sectioning parallel to the observed slip
plane while those for HREM were sectioned normal to the {010] direcdon. Foils were electro-
polished in a solution of 1 part HNO, to 2 parts methanol at -20°C with a voitage of 12 V.
Conventonal diffraction contrast TEM was performed in a Hitachi H-800 at 200 kV, while
HREM was performed at 350 kV in a JEOL-4000EX.

HREM image simulations were based on a theoretical core structure determined by
Vailhe and Farkas [38] using the embedded atom method. The image simuiations were
performed using the EMS software package {39].

Results and Discussion

Characterization of slip

Deformation of the orientated single crystals resulted in well defined slip lines, an
example of which is given in fig. 2. The siip is characterized by pianer slip with a smail amount
of waviness indicative of cross slip. Slip trace analysis of both stoichiomerric Fe-30Al and iron
rich Fe-40Al, somewhat surprisingly, found the slip planes to be {110}.

Sections cut parallel to this observed {110} slip piane were prepared tor conventional
ransmission electron microscopy and revealed substructures made up predominantly ot straight
dislocation segments lying roughly 90° to one another. Trace analysis determined the two
general line directions to be {100} and {010]. Diffracdon contrast analysis was used to
characterize the Burger's vectors of these dislocations with an example given for Fe-+0Al in fig.
3. Due to the elastic anisotropy of FeAl, it can be difficuit w0 get compiete invisibility of
dislocations under the conditions of geb={). Ideaily, a complete anaiysis can be perrormed using
computer simulations following the method of Head et. al. [40]. However. if the conditon
gebxu=0 is used in conjunction with the ged={) criteria. a reasonable anaiysis can be performed.
in rig. 3 the dislocauon iabeied (a) has iine segments in the +100] and {010] direcuons. The
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Fig. 2. Optical mi'cfographs showing slip bands on two faces o
deformed at 873 K. {110} slip plane waces are indicated.
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Fig. 3. Conventional diffracuon conwast images of the dislocaton stucture or Fe-40Al
Jeformed at 873 K. Note that the disiocation labeled (2) has a Burger’s vector ot [001] and line
directions ot [100] and [010] indicating this is a prismatc dislocation.

segment in the [010] direction is well out of contrast for g=(020) while the segment in the {100]
direction is out of contrast for g=(200). The segments which are not parallel with the operative
s-vectors dispiav weak contrast for tese reriections. Appiving the geb=() ana gebxu=t) criteria
"0 tnese ooservatons ieads o tne conclusion tnat b=iU0 11 Other aisiocanons in tis rigure show




Fig. 4. Diffraction contrast image displaying the deformation strucuture of Fe-50Al compressed
at 873 K.

similar results. It should be noted that since the line directions of the segments of dislocation
(a) are [100] and [010], the [001] Burger's vector of this dislocation lies normal to the plane of
the dislocation. This result appears to contradict the results of the slip trace analvsis. which
found {110} to be the operative slip plane. However. some dislocation rearrangement may have
occurred during the furnace cooling following deformation. Prismatic loops and dislocations,
with b=<100> lying normal to the slip plane, have been observed in FeAl on a number of
occasions [41-43]. Fe-50Al displaved a similar deformation structure to that observed in Fe-
<0AL an exampie of which is shown in fig. 4.

Experimental images of dislocauon cores

Since the majority or the dislocanons in the deformed materials displayed <100> line
directions. thin foils for HREM were prepared by sectioning normal to either the { 100] or [010].
This allowed the core structure of the dislocations to be imaged "end on" down a low index zone
with lattice spacings greater than the resolution limit of the microscope.

Surprisingly, high resolution electron microscopy of Fe-40Al revealed not oniv b=<001>
dislocations. but also b=<110> disiocations. The present study wiil concentrate on the <001>
dislocations while the <110> disiocations will be discussed elsewhere {44]. [Figure = shows a
HREM image of a b={001](100) edge dislocation. This image and all other [H{REM images
presented in this paper are “white atom” images with the lighter contrast areas signirying the
approximate atom positions. Although the dislocations may not be moving v slip, for
discussion purposes the slip piane wiil be considered to be the piane definee by bxu.
Accompanying this experimental image are digitaily scanned and compressed images which
allow the displacements in various directions and the termination of atomic pianes (0 be more
casilv seen. These images give an illusion of the image being veiwed down a given direction
at an inclined angle. The core structure shown in rig. 3 can be characterized by two distinct
(220} half planes which terminate near the same point in the dislocation core. The approximate
‘ocauons of these half planes are denoted by the arrows in 11g. 22 and can be more cieariy seen
‘nrigs 2b and Sc. The core s compact. with only siight spreading in the (100) -0 miane (fig.
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Fig. 5. (a) HREM image of a b=[001](100) dislocation in Fe-40Al. (b-e) Digitally compressed
images of (a), corresponding to views down the (b) [202], (c) [200], (d) [202] and (e) [002]
directions.

3¢) and no significant dispiacements normal to the slip plane (fig. Se). This stucture is similar
t0 the <001>{100} cores observed in Ni-50Al [45.46] and Ni-48Al [46].

A number of different core configurations of [001](100) edge dislocations were observed
in Fe-50Al. The first of these is shown in fig. 6 and is similar in configuration to the {001](100)
dislocation core observed in Fe-40Al. Again, the core is compact with the characteristic {220}
half planes terminatng at approximately the same location. However, these terminations actually
lie at positions above one another relative to the slip plane. This may be indicative of some
climb process having taken place.

An alternative {001](100) Fe-30Al edge dislocation core structure is shown in tig. 7. In
this structure, the characteristic {220} half planes terminate approximately 10-12 atom positions
from one another in the plane of the [001] Burger's vector. This clear dissociation can be
characterized by two separate Burgers vectors, »={101] and »[101] as illustrated in the figure.
Thus, the dissociation might be thought of as:

a[001] = a[101] + a»{101] (1]

However, it should be reiterated that HREM can only resolve the edge component of
dislocatons. This implies one may not rule out the possibility that there may be a screw
component in the beam direction ({0101 in this figure) which is not resolved. Thus. equation
1] oniy invoives the edge components and can be thougnt ot as:
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Fig. 6. HREM image of a [001](100) dislocation core in deformed Fe-50Al. Note how the
{220} extra half planes terminate at positions above one another relative to the plane of the
Burger's vector.

a[001], = a*[101], + a»{101], (2]
with the subscript "e" indicating edge components. Since -<110> dislocations in the B2
structure do not translate the latdce from one 2tomic position to another. a more likely
Jissociation may be:

a[001] = a=2[111] + APB + a-(111) [

I
—

The ordering of the B2 lattice requires that an antiphase boundary (APB) lie between the «2{ 111}
dislocations. This dissociation scheme is not energetically favorable based on linear emsncuy.
However. Fourdeux and Lesbats {42] have shown the dissociation of { 100} dislocations into two
APB coupied {111} disiocations t0 be 2 mechanism for vacancv annthilation in Fe-42AlL
Figure ¥ shows a dipole between two <100> dislocations with their siip planes separated
by approximately 10 atomic spacings. This dipole may be the resuit of slip interaction between
these two dislocations. but iinear eiasticity suggests that the energy minimum between two
Jipole dislocations occurs when the dislocations iie 43° to each other. relative 1o the Burger's
wector and slip plane. Instead. the experimental image shows the dipole dislocation cores lving
rpproximately 90° to one another. [t may be that this dipole formed as the resuit or vacancy
coalescence. It is well known that thermal vacancies in FeAl anneai out into disiocation loops
and helices {41.42.47]. Close analysis of the Burger’'s vector circuits in fig. 3 shows that this
dipole is a vacancy/intrinsic dipole and not an exwinsic dipole. This is illustrated by comparison
wvith fig. 9. Thus this dipole core contiguration may in ract be a prismatic loop nuciei. It
“houid also be noted that ciose analysis of each or the individual <t01> diSlOCZl*lOnS‘ in this

hlaTaR!

Zipoie snows the arrangement or the 1 2201 extra haif pianes 10 be somewhat cifferent i the wo
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Fig. 7. Experimental HREM image of a [001](100) edge dislocation in Fe-30Al. Note how the
{220} extra half planes terminate approximately 10-12 atom positions apart on the slip plane
possibly indicating a glide dissociation.

dislocations. It is possible that the core swuctures of these dislocadons vary during the climb
process.

Comparison of experimental images with model stuctures

Vailhe and Farkas |38] have recently perrormed an embedded atom simuiation ot the core
structure of a <001>{ 100} edee disiocanon in stoichiomewic Fe-30Al. It is userul 1o examine
how this theoreucal structure compares with the experimental images of the core structures
imaged in the present work. Figure [0 shows a plot of the atomic positions determined by
Vailhe and Farkas. along with a series of simulated HREM images based on this theoretical
structure.  The theoretical structure displavs a compact core with no evidence o1 significant
spreading in the slip piane or any indication of climb. The {200} exwma half pianes cian be seen
10 terminate within one atomic position ot each other.

This theoreucal swucture is significanty different from the swuctures observed
2xperimently. In the one exoerimental image of a compact core in Fe-30Al (tig. o). some climb
dissociation was noted. Of course EAM couid not predict such a structure. uniess the climb
component was inroduced in the inital structure. In the experimental image ot the core spread
n the siip piane shows 1 signiricant dissociation of 10-12 atom spacings. This v in contrast
with the EAM resuit. The reasons tor these differences are not entrely ciear. - >ne possibility
is that there is an experimental artifact. sucn as free surrace erfects or the presence ot a residual
smess in the thin foil. causing the dissociation in the siip piane. On the other hana. the
experimental results may indicate a problem with the approach to the simuiation. .uch as the
choice of the elastic center of the dislocation or the details or the interatomic potentiais. Clearty,
more work is needed in oraer 0 rauonaiize these differences in theoretica! models and
-xpenmenial images.
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Fig. 8. HREM image showing a dipole between two <100> dislocations in Fe-50Al. Note that
intersttal dipoie.

the two dislocations lie approximately 10 atomic spacings apart in the {100] direcuon.

Fig. 9,
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Fig. 10. (a) Atom positions for a <001>{100} edge dislocation as determined by EAM. (b-g)
Simulated HREM images based on atom positions shown in (a).

Conclusions

Experimental imaging of <001>{100} edge dislocation core structures in B2 FeAl alloys
show a variety of configurations. In Fe-40Al these dislocations appear to have compact cores
with only slight spreading in the (100) slip plane. No evidence of climb was observed in this
alloy for the <001>{110} dislocations. In Fe-30AlL <001>{100} cores displaved two
configurations, one being compact with a smail climb dissociaton normal to the slip plane. the
other showing dissociation into two %<111> dislocations separated by approximately 10-12 atom
spacings along the slip plane. Additionaily, a dipole core which appears to be a prismatic loop
nuclei has been observed in Fe-50Al. Comparisons of the experimental images with theoretical
structures suggest that significant differences in the structures exist.
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High-resolution electron microscopy (HREM) examination of
dislocation core structure in B2 Fe~Al single crystals
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Abstract

Stoichiometric Fe-30at Al and iron-rich Fe—40at.0Al singie crvstals oriented near i001] have been deformed in compression at
373 K to approximately 3% plastic strain. Conventional diffraction contrast transmission electron microscopy { TEM) has been used to
characterize the dislocation structures in these materials. The observed dislocations are predominantly 0014001} prismatic edge
dislocations. with a small number of * 111> screw dislocations. The atomic level details of the core structures of these dislocations have
beep examined using phase contrast TEM and high-resolution electron microscopy t HREM:. Dislocauons with both glide and climb

dissociated core structures have been observed. The implications of these structures on the mechanical behavior {at both low and

clevated temperatures) are discussed.

Kevwords: HREM: Dislocation: Iron: Aluminium: Crystals

1. Introduction

Dislocation structures have been studied extensively
in the B2 aluminides t FeAl NiAl and CoAllin order to
vain a better insight into the duculity and fracture
problems associated with this class of materials. The
slip characteristics of FeAl are significantly different
from those found in NiAl and CoAl due to the fact
that B2 FeAl deforms predominantly by « 1 1 1'-type ship
at low to moderate temperatures { 1.2}, Although 111
slip does not lead to substantial ductility for stoichio-
metric B2 FeAl at ambient temperatures. increased
ductility and toughness are observed for alloys with
increasingly iron-rich deviation from stoichiometry
There appears to be a direct relationship
between the decrease in the critical resolved shear
stress for 111" slip and increasing iron content from
the stoichiometric composition (0i. At moderately
elevated temperatures, a transition in slip from 111" to

100" has been observed in single-crvstal [2} and poly-
crystalline [7! FeAl. This transiion temperature
.around 0.4-0.37,, has been found to increase with
increasing aluminum content for single crystals 2.
while decreasing with increasing aluminum content for
poiverystalline sampies <7 . Stoiciometric B2 Feal

LA =
2-D5

deformed at temperatures above this transition tem-
perature has been found to display very high ductility
Q1. There have been limited observations of (110} dis-
locations in this material [9].

An interesting complication to understanding the
hehavior of this material has to do with the effect of the
cooling rate on the mechanical properties of FeAl It is
well established that there is a strong relationship
between the vacancy concentration and thermal treat-
ment of this material. Correspondingly, both elevated
temperature and quenching rate tests have shown that
thermal treatment can have a profound effect on the
mechanical behavior of Fe Al

The first studies of quenched-in vacancies in FeAl
were carried out using resistiviry. dilatometry and field
ion microscopy 10-13]. These studies found
quenched-in vacancy concentrations as high as
14x 107 and 2.2X 1077 as guenched from 1050°C
086T,, " for Fe-d6atoAl and Fe-31at%Al respect-
ively. Tvpical metals have vacancy concentrations on
the order of 10~3-10"* near their melting points {14].
In situ electron microscopy observations have shown
that these excess vacancies anneal out into dislocation
loops. helices, super-structure dislocation loops and
~aired helices bound by antiphase boundares “APBs)

HY21-32107/04:57.00 © 1994 - Elsevier Science S.A. All rights reserved
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17!, These vacancy products appear to nucleate
on mcluswm and pre-existing dislocations. The result-
ant dislocation loops and helices have both /100; and

111, Burgers vectors. The {111} helices are observed
as both pertect <1 11} helices and APB coupled V111G
helices | 13.161. Furthermore. dissociation of 100 dis-
locations into APB coupled t/111) dislocations is
commonly observed. In all of these studies. vacancy-
related mechanisms are believed to be directly respon-
sible  for the various dislocation reactions.
Furthermore. Fordeux and Lesbats [ 16] concluded that
homogeneous vacancy coalescence into voids does not
occur in B2 FeAl due to the strong tendency for order-
ing in this alloy { 14].

The effect of thermal historv on the mechanical
behavior of B2 FeAl was first realized by Rieu and
Goux [10] and Weber et al. [18] who attributed
increases in hardness following quenching to increases
in the number of retained vacancies. This effect is
reflected in changes in the tensile behavior showing
large increases in vield strength with corresponding
decreases in ductility 14, 19]. Hardness tests carried out
over a wide range of compositions and following a
variety of coolmo rates and annealing treatments have
reinforced these findings {20.21]. Studies on single
crystals have related this increase in strength to an
increase in the CRSS for 111> slip [6].

Despite the considerable attention that vacancy
hardening in B2 FeAl allovs has received. the exact
strengthening mechanisms remain unclear. It has been
hvpothf=51zed that vacancies may act as point defect
strengtheners (pin dislocations), may change the degree
of long-range order |APB energy) and/or vacancies
may coalesce to form material strengthening jogs on
existing dislocations i6.15.161. However. no conclusive
svidence ror the exact mechanisms has been presented
thus far.

The purpose of this paper is to present the results of
high- resolution electron microscopy t HREM! studies
of the core structures of dislocations in detormed B2
FeAl This study is part of a larger program examining
the differences in the dislocation core structure of the
B2 aluminides. The results presented here show that a
variety of disiocation core contigurations may occur in
FeAl Some configurations may be related to disloca-
tion core-vacancy interaction which may help to
explain some aspects of vacancy hardening in these
atlovs.

3. Experimental details
Bulk  single-crvstal  samples  of  nominally
Fe-30at%Al and Fe-40at’bAl were fashioned into
9 mm X 3 mm X 3 mm COMPression specimens using a

high speed diamond wafering saw. This 3:1 height to
width ratio was used to promote homogeneous
deformation. The compression specimens recetved a
21 h annealing treatment at 1273 K under vacuum.
followed by step cooling ata rate of 100 Kh™' down to
300 K. then furnace cooling. Specimens were hand
polished starting with 600 grit SiC paper and finishing
with 0.1 um diamond paste. Back reflection Laue
X-ray studies determined all of the compression axes
to be within 13° of {001]. Compression was carried out
in vacuum at 873 K (approximately 0.67T,) in order to
promote (100> slip. Tests were performed at a nominal
strain rate of 2.4x107% s™! to a plastic strain of
approximately 3%. The specimens were furnace
cooled following release of the deformation load.

Following compression. slip lines were observed
using polarized light optical microscopy. The active
slip planes were “determined by standard two face
analvsis. Specimens for conventional diffraction
contrast transmission electron microscopy { TEM) were
sectioned parallel to 001} and {101} planes. while
specimens for HREM were sectioned normal to the
1100] or {010] directions. The sections were mechani-
cally ground using 600 grit paper to appro‘ﬂmatelv 130
um. Final thinning was carried out using a twin ]et
electropohsher with an electrolyte of 30% HNO; in
methanol at —20°C and a voltage of 12 V. Con-
ventional TEM was carried out at 200 kV using a
Hitachi H-800. while HREM was performed at 350 kV
ina JEOL 4+000EX.

3. Resuits
2.1 Slip characrerization

Optical microscopy of the detormed single crystals
revealed well-defined slip lines as illustrated in Fig. L.
The slip was generally planar in nature with some wavi-
ness. indicative of cross slip. Two face slip trace
analvsis revealed the active slip plane to be {110} in
hoth  stoichiometric  Fe-30atoAl and iron-rich
Fe-40at.%Al

Characterization of the deformation substructures
was carried out using conventional TEM pertormed on
sections cut parailel to the active ;110! planes. The
majority of the dislocations had straight line segments
with sharp jogs. The straight segments lay in two
primary orientations. roughly pcrpendlcular to one
another. Trace analvsis revealed these primary direc-
tions to be ' 1001 and {010}, Due to the elastic aniso-
tropyv of Fe Al Burvers vector analysis can be difficult
to perform as g =1 does not always lead to complete
invisibility. However if the g-bxu=0 criterion is used
in conjunction with the g-b=0 criterion. a thorough




Fig. 1. Optical micrographs showing

analysis can usually be carried out. An example of this
analysis for deformed Fe-<0at.%Al is illustrated in Fig.
2. The dislocation labeled (a) in this figure is typical of
the dislocations observed in this matertal. This disloca-
tion has segments with line directions | 100! and {0 101.
The :100] segments are well out of contrast for
¢=:200). while the {010] segments display significant
contrast for this reflection. Converselv. the j010]
segments are out of contrast for g=:030), while the
{100] segments show residual contrast. Applying the
g'b=0 and g bxu=10 criteria leads to the conclusion
that the Burgers vector of this dislocation is #=1001].
Similar analyses show that the majority of dislocations
in both Fe~40at.%Al and Fe-30at.?oAl have b=1001].
It should be noted that the plane of the dislocation :as
defined by the line directions ot the segments) is :001).
This 1s contrary to the results ot the slip trace analysis.
which indicated that {110} was the active slip plane.
However. as the Burgers vectors of the dislocations are
normal to the ptane of the dislocauons. the dislocations
are in prismatic configurations and this finding would
not be expected to be consistent with the observed slip
lines. It should be noted that prismatc dislocauons and
loops with #=+100) have been observed in FeAl in a
number of studies {16.17.22). In addition 0 the
b=1001] dislocations observed in the deformed
materiais. a small number of 111 screw dislocations
were also found. Fig. 3 shows an analvsis ot these dis-
locations in Fe-30at.%oAl

AR

2.2 High resofution electiron microscopy

Atomic resolution imaging of dislocation cores using
HREM requires that the dislocations be imaged “end
on’, Le. the dislocation line direction must be parallel
to the electron beam direction. Secondly. the disioca-
rion must have significant atomic displacements normal
to the beam direction in order for the core to be
imaged. In fact. only the edge component of disioca-

1104 siip plane traces on two taces ot an Fe-+0at.%Al single crystal deformed at 873 K.

tions can be resolved using HREM. Because the (111)
screws do not meet the second imaging requirement
and because the majoritv of the b={001] dislocations
have -100) line directions. HREM was carried out by
imaging crystals with the beam direction along {100]
and {010/ orientations.

3.2.1. Fe=40ar. %Al

[nterestingly, HREM of Fe-40at.%Al revealed not
only b, =001 dislocations. but also dislocations with
b,=:110). Fig. 4 shows a HREM image of a
b=[{001](100) edge dislocation. This image {and all of
the other HREM images in this paperi is a ~white
atom” image with the bright spots representing
approximate atomic positions. Despite the fact that the
dislocations may not be moving by slip. for purposes of
discussion. the “slip plane™ will be defined as the plane
which contains the Burgers vector and the dislocation
line direction. Fig. 4 also displays a series of digitally
compressed experimental images which help to illus-
trate the displacements in various directions and the
rermination of atomic planes. The core presented in
Fig. 4 can be characterized by two distinct {220} half
planes which terminate at approximately the same
point :indicated by the arrows in Fig. Ha}). These
“extra half planes™ can be seen more clearly in the com-
pressed images shown in Figs. 4{b) and 4d). This core
is compact with only minimal spreading in the {100)
slip plane 1as revealed in Fig. 4ic;) and no significant
distortions perpendicular to the slip plane (Fig. He)).
The compact nature of this core is very similar to that
observed in Ni-30at.%Al and Ni-48at.%0Al{23.24].

The second type of dislocation core observed in
“e—d0at.%Al has an edge component of b,=1101] (as
illustrated by the Burgers circuit in Fig. iai. The
Burgers vector analyvsis did not reveal any dislocations
characterized by ».=:101] and #=:010. Therefore it
is not entirelv clear how this dislocation relates to the
deformation substructure. An interesting aspect of this




Che 2 Copvenuonai diffraction contrast images Hlustrating a Burgers sector anaivsis in deformed Fe-4oat"wAlL The dislocation
Gibeled o has o Burgers veetor of 001 and line directions of 1 L00F and 00 indicaung that 1t is in 2 prismatic configuraton. (alh (¢)
nd A owere tken near the DL coneswhile brand - erwere taken near t0 L




Fig. 3. Conventional TEM images of the deformation structure ot Fo-30arteAl deformed at 873 K. The substructure is dominated by
100 - dislocations. The long strawght distocation is & F11 distocanon. o was taken near the 010 zone. b and ¢ neartllljandic)

near Yol

dislocation core is that it is clearly dissociated mnto two
distocations  with b, =:. 101", These paruals are
separated by six interatomic spacings normal to the
plane of the Burgers vector. This configuration. which
appears to be the result of climb dissoctation. can be
clearly seen in the compressed image in Figo 3o
Because - 110 iy not an atom to atom rranslation in
the B2 structure. it is likely that the parual dislocations
in this core have screw components and are most prob-
ablv 11T dislocatons coupled by an APB. Because it
is not possibie to determine the exact nature of the
~erew component of this pertect dislocation. s neces-
<ary to consider various dissoctation possibilities. The
following dissoctation schemes are the two most prob-
able First, if the pertect disfocation s
h=:1011 the disfocation may dissoctate according 1o

Oli=o11 b =APB+ 111

reactions.

Second. if the pertect dislocation is h=:111". the dis-
locanon may dissociate byothe reaction an eguivaient

reaction would oceur for b=1111
PLL=0111 = APB++ 111

In either case. the dissociation has occurred normal
to the slip plane. Fig. 3:b: shows the same dislocation
following a few minutes exposure to the beam. In this
tieure. the lower partial dislocation has slipped relative
to the upper partial in the direction of the Burgers
vector. The partials lie on planes. six vertcally separ-
ated elide planes apart. instead of lving nearly above
ane another. and are now separated by approximately
four interatomic spacings in the direction of the
Burgers vector. This motion requires the creation of
additional APBs which will turther restrict the slip of
these partial dislocatons,

322 Fe=Soar Al

Only dislocations with b = 100 were observed in
the HREM studies of Fe-3vareAl However, a
aumber of dJifferent core structures were observed.




The first of these structures Fig. 61 is similar to that
observed for the b= 100: dislocations in
Fe-40at. %Al It has a compact core characterized by
the 220} extra half planes terminating very close to
each other. However. careful examination reveals that
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these 220! terminations at the core in Fe-30at.%Al
actuaily lie above one another relative to the slip plane.
This suggests that some climb has occurred in this core,
resulting in a somewhat non-planar core.

The second b, =:100. core observed in
Fe-30at%Al Fig. 7 reveals the {220} half plane
terminations to be more widely spread (approximately
10-12 atom positions) in the (200} plane of the
Burgers vector. This indicates a dissociation into two
distinct partial dislocations. Fig. 7 displays the two
= 110: Burgers circuits. In terms ot the edge com-
ponents. this dissociation would be

001, =101, +4101],

However. t°110) is not an atom to atom translation in
the B2 structure. Thus a more likely dissociation which
would take into account screw displacements parallel
with the electron beam would be

00Li=:111,+APB+:111]

Due 1o the fact that the /111’ partials do not lie in
the 1 200) slip plane 1the approximate plane of the dis-
sociation}, they could not have simply slipped on the
{2001 plane into the observed configuration. Instead.
two possible mechanisms may be responsible for the
dissociation as illustrated in Fig. 8. First. both $(111)
partials could glide on perpendicular {220} planes from
the position of the original perfect [001] dislocation.

: -
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Fig, 5. HREM images ot a climb dissociated dislocation core in Fe-40at oAl with a &, =1101; edge component: :a: core in the initiai
confieuration: b core following beam-induced slip of one of the partial dislocations.




Fig. 6. Experimental HREM image of a compact 001100
dislocation core in Fe=30ar’bAl Close examinanon shows that
“he ' 220 extra half planes denoted by drrows erminate at posi-
ons above one another relutive o e plane of the ol Burgers
VecIor.

in Fe-30aroAl The individuai
Jirection of the edge component i the Burgers vectors ot the
nartal dislocations.

This extends the APB in o V- shaped contiguraton.
The dissociation configuraton could also be a result of
Jimb of the partiads mto @\ -~haped coniguranon.
However. as illustrated in Fioo s only necative chmb
the addition ot atoms at the extra halt plane can resuit
in a structure completely consistent with that observed
experimentally. [t should o ponted cut that the
dissociation of w100 disfocanon into two s 1L
partials is not expected to b energetieaily favorable
when considering lincar  chastcity. However. s

Perfect <ii0>
Dislocation

Dissaciation Dissociation Mechanism

Configuration

('smpact Partial
Dissociation

Glide Dissociation

4 b\‘(\’, A

/ LY
——— » by

Negative Ciimb Dissociation

Ly AN

L Yy A

Fia. ~. Schemane reprosentations of possible ylide and climb
mechanisms s hich could result in - V1 partals separated
along o 100 plane. The broken fines represent an APB and the
arrows note the direction of disiocanon motion. Only ¢lide dis-
soctation and newanve climb dissociation cun result in a con-
figuration consistent with Fig. 7.

Paositive Climb Dissociation

[002]

Fig. v Eapenmental image of a dipoie of two v Jislocations
AL The mao disfocanons fie appronvimately ten

m o Fe-suan

Lromie planes apartin the 100 direcnon,

Jdecompostuon s been shown to be mechanism for
acaney anniilation i Fe=+2at AL by Fourdeux and
Loshats To

X “hows 100 dislocation cores 1n- an
apparent divole contiguration. The two cores {with

Spposite edge components e above one another with
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ie. 10. Schematic representation of 1a) a vacancy dipole and :b:
n interstitial dipole. The sense of the Burgers vector of the
¥acancy dipole is consistent with the experimentally observed
image in Fig. 9.

‘ matelv ten interatomic spacings. For a dipole consisting
‘ of two edge dislocations. linear elasticity predicts that
| he two edge dislocations should lie 43° to each other.
| f the observed dislocations had interacted through
slip. such a configuration wouid be expected. However.
f the dislocations were a section through a dipole loop
vhich formed through vacancy coalescence. the
observed configuration may be expected. A compari-
son of Fig. 9 with Fig. 10 shows that the observed rela-
ionship between the Burgers vectors is in fact
‘onsistent with a vacancy dipole. This suggests that the
observed structure may be a prismatic loop nucleus.
such a structure is consistent with previous observa-
ions of large numbers of {100) dipole loops in Fe-Al
allovs deformed at high temperature | 16.17.221. Close
inalvsis of the individual (100" dislocations in Fig. 9
Chows thar the arrangement of the (220! extra half
planes is somewhat different in the two dislocauons.
This mayv suggest that the core structures of these dis-
locations vary somewhat during the climb process.

- .

4. Discussion

The resuits show that there is a wide varety of
dislocation core structures which can exist in B2 Feal
deformed at elevated temperatures. The observed
structures may be indicative of configurations during
slip at high temperature. or a result of rearrangement at
clevated temperatures i with or without deformaton: or
during cooling following deformation. In particular. the

discrepancy between the slip line observations {which
indicated a well-defined 110! slip plane; and the
diffraction contrast experiments i which found most of
the dislocations to be in prismatic configurations)
suggests that either a substantial amount of deforma-
tion is occurring through climb processes and/or the
dislocations responsible for the slip lines undergo signi-
ficant rearrangement following deformation. The
furnace cooling of the compression samples may have
allowed this rearrangement to take place.

The other point which must be considered when dis-
cussing the results is the role played by thermal
vacancies. The very large number of vacancies which
exist in Fe-Al alloys at high temperature : which can be
retained at low temperature; may be interacting
strongly with the dislocations. Again. the (100} pris-
matic dislocations suggest that significant climb pro-
cesses are occurring and the high concentrations of
thermal vacancies will clearly enhance this process. At
the atomic level of the dislocations. vacancy incorpora-
tion will affect the core structure which may lead to
non-planar core configurations. A number of core
structures which indicate non-planar dissociations
have been presented in this paper. Clearly. many of
these non-planar structures will require reassociation
in order to slip. This in turn may lead to difficulties in
activating this slip.

While the core structures presented in this study
have been produced at high temperature. the results
may have implications for low temperature deforma-
tion and cooling rate etfects. Quenched-in vacancy
concentrations on the order of 10~ suggest that only
short-range vacancy motion is necessary for interaction
between vacancies and dislocations. Furthermore. dis-
locations will encounter very large numbers of vacan-
cies during slip. Although the active dislocations at low
remperatures are different from those at high tempera-
wres 1 111% vs. 100N, it is reasonable to expect
vacancies to interact with the dislocations involved in
low temperature deformation in a manner similar to
the interactions at higher temperartures. In other words,
vacancy-dislocation interaction at low temperature
and in particular in rapidly cooled materials) may lead
to the creation of non-planar core structures which
may inhibit dislocation motion and lead to material
strengthening.

3. Conclusions

Transmission electron microscopy of single-crystal
e-d0at oAl and Fe-30at oAl compressed at 873 K
has revealed substructures dominated by 0014001}
prismatic dislocations. Atomic resolution examination

of the core structures of distocations in these allovs
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reveals a variety of core configurations. Compact cores
in glide contfigurations have been observed as well as
cores with non-planar structures. Some cores show
significant evidence of climb dissociation. The results
suggest that thermal vacancies which are present in
large concentrations in these alloys may be interacting
with the dislocations to produce non-pianar core con-
figurations. This may in turn lead to reduced disloca-
tion mobility and material strengthening.
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CHARACTERIZATION OF DEFORMATION STRUCTURES IN B2 CoAl

M.A. Crimp and Y. Zhang
Michigan State University, Department of Materiais Science and Mechanics, East Lansing, MI
48824-1226

ABSTRACT

B2 CoAl singie crystals with a number of orientations have been deformed at 1300 K and
1000 K. The deformation substructures have been characterized using TEM diffraction contrast
techniques supported by image simuiations. While <100> slip is found to be the predominant
slip mode at these temperatures, <111> and <110> dislocadons have also been observed. In
particular, in hard orientations <110> dislocations appear to play an active role in initiating the
deformation. Additionaily, <110> dislocations are often observed as junctions of <100> type
dislocauons. Under the conditions tested. changes in alloy stoichiometry do not resuit in any
modificatons to the disiocation slip behavior.

INTRODUCTION

Over the past decade, there has been exiensive research examining a wide range of
intermerallic alloys, with a significant portion of this work focused on the B2 aluminides. In this
class of materiais, NiAl has received the bulk of the attention, with FeAl also the subject of
considerable work. For example, volume V of this symposium’ lists 38 papers focused on NiAl
with another 7 devoted to FeAl. In contrast, the third transidon metal aluminide, CoAl, has
received little attendon in the literature. This may be due to the reputation CoAl has for extreme
brittleness. However. a number of studies™™ have shown that CoAl has significantly greater high
temperature creep strength than either NiAl or FeAl. This is despite the finding that CoAl and
NiAl have similar seif diffusion rates at these high temperatures’. One possibility for the
enhanced strength of CoAl may be differences in the dislocadon slip behavior with the other B2
aiuminides.

The dislocanon benavior has been studied extensively in both NiAl (for review see {5])
and FeAl”®. In NiAl slip generaily occurs through the modon of <100> disiocations on either
{001} or {011} pianes at both low and high temperature. <1!1> siip can normally only be
actvated below ambient temperawure or by orienting singie crystals to "hard” orientations. In
contrast, B2 FeAl deforms exciusiveiy by <111> slip at low to moderate temperatures, with a
disunct transiton to <100> siip ar higher temperatures.

Unlike NiAl and FeAl. dislocaton observations have been exwemeiy limited for CoAl.
The rirst imaging of dislocanons in CoAl was reported by Hocking, Strutt and Dodd? who studied
creep deformed single crystais. .Although no anaiysis was performed. this group assumed the
dislocations were <100> as the observed structures were very simiiar to those observed in NiAl
However. <111> edge disiocanons have been reported in addition 10 <100> edge dislocations in
polvcrystailine Co-49.3ut%Al extruded at 1505 K'*''. Somewnat surprisingiy and in contrast to
NiAl Dreiles* found that <111> siip dominated the deformation or singie crystals at ambient
temperature. Only in crystais oriented near {111] were <i00> dislocatons activated. In [011]
oriented singie crystais the present authors™ found oniy <100> edge and screw dislocatons in
stoichiomemic. Co-rich and Al-rich alloys deformed at 673 K.
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As the dislocation structures in single crystal CoAl have been characterized at low to
moderate temperatures, the purpose of the present study is to characterize the disiocations which
are involved in the high temperature deformaton of CoAl. To this end, oriented single crystals
of CoAl with Co-rich, stoichiometric and Al-rich chemistries have been studied.

EXPERIMENTAL PROCEDURES

The materials used in this study were singie crystals of B2 CoAl with compositions Co-
50at.%Al (hereafter Co-50Al), Co-48Al, and Co-52Al. Nominally 3x3x9 mm compression
sampies were electro-discharge machined (EDM) from crystals which had been oriented using
back-reflection Laue. The compression samples were mechanically ground and electro-polished
to remove any surface damage. Deformation was performed in vacuum at 1300 K (one specimen
was deformed at 1000 K) at a nominal strain rate of 2x10™ to approximately 5% piastic strain.
3mm disks cut from oriented sections were electropolished for TEM observation in a twin jet
polisher at -30°C with an 8% perchloric acid in methanoi electrolyte and a voltage of 10 V.

Dislocadon structures were characterized using standard diffraction contrast methods
(geb=0 and gebxu=0 methods). However, because of the elastic anisoropy of CoAl, the results
of these studies were at times inconclusive. Thus in order to confirm the analyses, image
simuiations were performed using the method of Head et al.'. The details of the input
parameters for these simuiatons are given elsewhere®.

RESULTS AND DISCUSSION

_ The dislocation substructure was characterized in the various CoAl alloys with orientations
of [123], [011] and [011] deformed at 1300 K, and in one additionai [011] oriented Co-50Al
sample compressed at 1000 K (see Table I). Space constraints prevent the presentation of a
detailed analysis of all of these conditions. However, a representative analysis will be presented
along with summaries of the generai effects of variatons in stoichiomerry, crystal orientation and
deformanon temperarure. _

An anaiysis orf the deformaton substructure ror the {123} oriented Co-30Al deformed at

1300 K is presented Fig. 1. While the

Table I. Combinadons of CoAl Alloy Stoichiometry, stucture is characterized by a relativeiy
Deformaton Temperature, and Crystai Orientatons low dislocation density, the dislocations
Characterized by TEM. which are present have a wide variety
characteristics including a number of
different Burgers vectors and

i 1

| Co-50Al [123] . 1300K | orienadons. Dislocatons with three
‘ " | 23] 000 K different Burgers vectors. examples of
‘ ﬂ ‘ : . which are labeled a. b. and ¢ in Fig. 1,

| [001] . 1300 K |  have been identfied. In general. the

| s A 4 majority of the dislocanons were the

1 o111 300K : rvpe labeled c. with smailer numbers of

I Co-352A1 011 . 1300K . type 1 and b uislocatons.  The
: : : ! dislocatons iabeled a have a general line
| Co-48Al . {011} . 300K i direcdon or [100] _and display weak
contrast  ‘or 2=t200) and (211),




Figure 1. TEM bright field images of dislocations generated in [T23] oriented Co-50Al deformed
at 1300 K.

indicating a Burgers vector of b=[01T]. These dislocations were observed both as isolated
dislocations and as part of dislocation reactions. Figure 2 shows an indexed junction of two
<100> dislocatons interacting to form a <110> dislocadon by the following reaction:

a[001] + a[010] = a[011]. (1)

Conversely, this may actually be a decomposition of a <110> dislocation into two <100>
dislocatons. It was not possible to obtain significant invisibility for more than one reflection for
either dislocations b or c. For example. dislocations b display weak, dotted contrast for g=(110)
and dislocations ¢ are out of contrast for g=(011), but neither dislocadon type is clearly invisible
in the other figures. Thus it was necessary 1o use image simulaton to fully characterize these
dislocations. Figure 3 displays a series of simuiations related to the imaging of dislocations b.
Analysis of this figure leads to the conclusion that dislocatons b have b=(111] and are mixed
in character lving on the (101) piane. This conclusion is consisient with the limited invisibility
observed for these dislocations. [t should be noted that the experimental and simulated images
do not match perfectly because the experimental dislocadons are not entrely isolated from other
dislocations and because the actual dislocation lines are not endrely straight. Dislocatons c are
simulated in fig. 4. These dislocatons. which are in the majority, are tound to have b={100] and
are edge in character. Thus. a complete analysis of Co-50Al deformed in the [123] orientaton
at 1300 K reveals a mix of dislocadons inciuding <100>. <110> and <111> dislocatons.
While the above anaiysis outlines the general nature of the dislocations observed in this




study, it is worth notng the effect of various ~
experimental parameters on this behavior. In _\\
particular, it should be pointed out that <111> 112

dislocations were not observed under any
other conditions.
Effect of Crvstal Orientation

The effect of the orientaton of the
deformation axis on the nawmre of the

dislocations was examined by varying the 010
deformation axis to (011) and (001) for the &
stoichiometric Co-50Al deformed at 1300 K. 001"

In the (011) orientation, the Schmid factor « _10pum

(see table II) on the <100>{010} slip systems \

is maximized, and this is reflected in Figure 2. Detail of a dislocaton reaction
activation of both b=[100] and b=[{010] edge observed in [123] Co-50Al deformed at 1300 K.

Experimentai b=a{001) b=al110] b=aj 11T} b=alil]

o= 101

a=(121)

»
2=(011) it Ceseer S So-o-

Figure 3. Experimental and simuiated images of b=(111] dislocation in [TB] oriented Co-50Al
deformed at 1300 K.

dislocations. Some prismatic [001] loops are also observed. Consistent with the lower Schmid
factors on other slip svstems. no <111> dislocations are observed in this orientation. However.
unlike the observations at 673 K. small numbers of <110> dislocations were observed as part of
dislocation junctons. When the ceformauon axis is changed to (001). the structure 1s
characterized by areas in which b={100} and b={010] edge dislocatons are the predominant
dislocation. and other areas where b={011] and b={101] edge dislocation are in the majority.
Overail. the density of <110> dislocations 1s much larger in this orientation. A possible
sxplanation for this interesting deformation structure is that in the (001) orientation. the Schmid
factor for <100>{010) slip is exwemely low. Hence it is possible to acuvate slip of <110>
dislocations. despite the fact they may have higher critical resolved shear stresses. However. as
deformation contnues. the crystal orientation rotates away from [001], leading 10 the acuvation




Experimentai b=al100] b=al011} b=aj111] b=afill]
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p=(011)

Figure 4. Summary of image simulatons for b={100] dislocations.

of <100>{010)} as the Schmid factor increases. Consistent with this explanation, kinking of the
[001] samples was observed. An interesting observation is that many long <110> dislocations
are involved in junctions with <100> dislocations. It may be that as <100> slip becomes more
favorable, the <110> dislocations decompose to lower energy/lower critical resolved shear suress
<100> dislocations. Such decompositon has been observed in NiAl'*".

Effect of Co-Al Allov Stoichiometry

The effect of alloy stoichiometry was studied by examining [011] oriented alloys with 48,
50 and 52A1 deformed at 1300 K. In all of these alloys, <100>{010} edge disiocations were the
predominant dislocation type, but short <110> dislocations involved in junctons of <100> were
again observed. In contrast, only <100>{010} slip was observed for the same materials deformed
at 673 K in this orientation in a previous study'’. The dominance of <100> dislocatons in these
alloys may be a consequence of the seiecton of [011] as the deformaton axis. As substannal
<110> and limited <111> slip have been
observed in this and other stmdies of CoAl
alloys, it may be that selection of another
orientation may resuit in significant activation
of non-<100> slip in off stoichiomewric CoAl

Table II. Schmid Factors ror the Observed Slip
Systems and Experimental Compression Axes.

sip | <100> | <110> | <111> | nele crystals.
sysiem | (010) | (112) | (011) . ffect of Defo‘rmatmn Temperature ‘
‘ : : ; In order to examine the effect of
Comp. | S.F. ' SF. | SF | emperature, [123] oriented Co-50Al was
Axis | | | |  deformed ar 1000 XK. In conmast to
| | ' ; deformation in this onientation at 1300 K. no
[001] | 000 ' 0289 | 041 <111> dislocations were observed at 1000 K.
[T23] { 043 © 049 047 [ The deformation structure is characterized by
! 5 : : <100> dislocatons and small numbers of
(0111 ~ 050 | 043 = 04l i <110> juncuons. It is important to contrast




the resuits of the present study with those for deformation at 673 K. Clearly, deformation at
1000 K and 1300 K has resuited in significant numbers of <110> dislocations. particularly in the
form of junctons. Such dislocations were not observed at 673 K.

Clearly, <100>{001} slip is the predominant high temperature deformation mode in these
materials under a variety of conditions of alloy stoichiometry and crystal orientation. However.
consistent with the observations in high temperature extruded polycrystalline CoAl'™", <111>
and <110> dislocations have been observed. In particular, these secondary systems can be
activated under conditions where the slip of <100>{001} dislocations are inhibited, such as hard
orientations. As <100> is the dominant dislocation type, CoAl slips in a manner similar to NiAl
at high temperatures. This is despite the much higher dislocation creep swength of CoAl**. The
differences in high temperature strength between these rwo materials might simply be a result of
differences in the stress necessary to move the <100> dislocations. This stress may in turn be
controlled by the core structure of these dislocations. Recent work in our lab does indeed
indicate there are differences in these structures and will be the subject of a later paper.
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