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EXECUTIVE SUMMARY
The general emphasis for 1994 would be on increased software
development, testing of subelements and design calculations. For these
purposes, the constitutive law coding and development would be
coordinated by Nick Aravas, and implemented in ABAQUS. The initial
implementation would be the elastic/plastic model for MMCs with interface
debonding developed in 1993 (Leckie). This would be extended in 1994 to
include creep and some aspects of thermomechanical cycling. The code
would be used for design calculations concerned with MMC rotors,
actuators and vanes (Leckie). A plan is being formulated to collaborate with
Pratt and Whitney to acquire MMC sub-elements representative of these
components during 1994. Experimental tests on these subelements would
be capable of providing a direct validation of the code capabilities.
Constitutive law and fatigue lifing software would be created for CMCs
using continuum damage mechanics (CDM) approaches (Leckle.
McMeeking). The approach has been motivated by micromechanics models
developed in 1993 (Hutchinson, Zok, Evans). These codes would be used to
calculate stress redistribution effects and fatigue life on simple subelements, such as center notched and pin-loaded plates. Comparison with
experimental measurements needed to test the fidelity of the models will be
based on moir6 interferometry and thermoelastic emission. This effort is
coordinated with the NASA EPM program through both General Electric and
Pratt and Whitney. A plan for acquiring sub-elements from DuPont Lanxide
is being formulated.
A new emphasis for 1994 would be on the transverse properties of
CMCs. The measurements and calculations performed in 1993 have
indicated a strategy for curved sections and junctions that would establish a
consistent design approach. The basic approach for resisting failures from
combinations of interlaminar shear and transverse tension involves the use
of stitching and angle ply weaving patterns that inhibit major reductions in
stiffness when matrix cracks are induced by transverse loads and bending
moments. For this purpose, calculations would be performed that combine
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the mechanics of delamination cracks with models of bridging by inclined
fiber bundles (Hutchinson, Ashby, Evans, McMeeking). The insight gained
from these calculations would be used to design and acquire sub-elements,
such as C sections and TJunctions.
Additional software development will be for creep and creep rupture
(McMeeklng). The models devised in 1993 and test data relevant to MMCs
will be combined into a code that predicts the creep and rupture of
unidirectional MMCs subject to multiaxial loads. Some aspects of this code
will also be applicable to CMCs.
Two new activities will be introduced in 1994: thermal properties and
damping. The thermal properties will be studied on both CMCs and MMCs
(Ashby, Hutchinson). Measurements of thermal diffusivity will be made by
the laser flash method and related to the properties of the interface and the
density of matrix damage in the material. Thermal expansion measurements
will also be performed with emphasis on determining hysteresis effects,
which can be related to the temperature dependence of the interfaces
properties, through cell models. The latter might evolve into a diagnostic for
establishing relationships between the interface properties and
thermomechanical fatigue.
The processing activities in the program will have newly established
goals in 1994. The principal emphasis will be on concepts for affordable
manufacturing. The issues selected for investigation will be consistent with
manufacturing processes that allow near-net shape consolidation while still
yielding reasonable combinations of longitudinal and transverse properties.
Performance models developed in the program would be used as an initial
test of concept viability.
Beyond these general trends, specific activities are planned for 1994.
These are elaborated below. The status of understanding and development
in each of these areas is summarized in Table I. Increasing magnitudes
between 0 and 1 designate a knowledge range from limited to
comprehensive.
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TABLE 1B

Status of Design Knowledge for CMCs
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2.

CONSTITUT"VE LAWS

Two approaches will be used to create a formulation capable of
representing the in-plane properties of CMCs. One would be based on
Continuum Damage Mechanics (CDM) (Leckie). The other would use
concepts analogous to those used in plasticity theory (Hutchinson). The
CDM approach uses damage parameters that relate explicitly to
micromechanics models. A potential function has already been identified as
the state variable which separately represents the strain from the elastic
compliance change caused by the matrix cracks and the inelastic strains
associated with the debonding and sliding interfaces. Derivatives of the
potential with regard to strain and damage give the relationships between
variables, such as stress, interface sliding resistance, matrix crack density,
etc.
The first version of the CDM model would use the minimum number of
damage variables potentially capable of representing the behavior of
laminated or woven composites. Cross terms between the damage variables
would not be considered at this stage. Moreover, matrix cracks would be
introduced normal to the maximum principal tensile stress, consistent with
the experimental observations.
The plasticity theory approach would seek a formulation based on
matrix cracks occurring normal to the maximum principal tension. It would
introduce parameters that reflect the inelastic strain caused by interface
sliding upon off-axis loading which would be calibrated from tests performed
in tension in 0/90 and 45/45 orientations.
The insight needed to characterize off-axis loading effects will be gained
from cell models (Hutchinson) in a manner analogous to that previously
used for axial loads. The principal objective will be to understand trends in
matrix crack opening and interface debonding/sliding with applied loads.
The stress on the fibers will be calculated with the intent of predicting
effects of loading orientation on fiber failure. The models will be compared
with measurements made in 45/45 tension, using various CMCs (Evans).
Calibration of the damage parameters for each material would be made
from hysteresis loop measurements in accordance with procedures
developed in 1993. Experimental results obtained in 0/90 tension, 45/45
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tension and in-plane shear will be used. In future work, it is hoped that
shear tests will not be necessary.
The validation of the constitutive laws will be achieved by comparing
calculations with measurements made on sub-elements, especially pinloaded holes (Evans). The experimental results include residual strains
obtained by Moird interferometry (FIg. 2. 1), ultimate loads for either tensile
or shear failure and principal strain trajectories delineated by matrix
cracking patterns. Acoustic methods will also be developed to probe the
local values of the elastic modulus (Clarke, Wadley) which could be
compared directly with the CDM predictions.
3. FATIGUE LIFING
3.1 CMCs
A software program for Isothermal low cycle fatigue (LCF) of CMCs,
developed in 1993 (Fig. 3.1) will be extended in 1994. The present program
asserts that fatigue is associated with cyclic degradation of the interface
sliding resistance, r, which can be characterized by analyzing hysteresis
loops measured periodically during a fatigue test. With this methodology,
S-N curves have been predicted for both unidirectional and woven 0/90
composites tested in cyclic tension as well as changes in compliance and
permanent strain. Some additional effort is required to analyze data on 0/90
laminates in order to validate the model predictions. The extensions
envisaged for 1994 include thermomechanical fatigue (TMF), strain
controlled LCF and off-axis fatigue (Zok, Evans). Experiments are planned
which would assess the effects of temperature cycling and of inclined fibers
on T degradation, measured from hysteresis loops. Various cell model
calculations (Hutchinson) will be used to interpret the experiments. The
results will be used to establish general riles for interface degradation in
CMCs.
The off-axis experiments will also give insight into the fiber failure
criterion that replaces the global load sharing (GLS) results successfully
used for 0/90 loadings. This study will coordinate with the cell calculations
described above, and the 45/45 tensile experiments.
Notch fatigue studies will be initiated. These will examine cyclic stress
redistribution and notch sensitivity (Evans).
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3.2

MMCs

Fatigue crack growth and notch strength studies in MMCs will be
extended to 0/90 laminates (Zok, Suo). The experiments concerned with
crack growth will be interpreted using crack bridging models. The utility of
such models has been validated in previous years through studies on
unidirectional MMCs. It is envisaged that the fatigue crack growth
characteristics of the unidirectional and 0/90 configurations will be related
through the volume fraction of fibers aligned with the loading direction. The
notch strength behavior will also be interpreted using crack bridging
models. Such models have been developed in 1993 and found to be useful in
rationalizing the behavior of unidirectional materials (Zok, Suo). In all cases,
the mechanical measurements will be augmented by in-situ observations to
identify changes in damage mechanisms with temperature, fiber
architecture, etc. Plans to study the influence of panel thickness on fatigue
and fracture resistance are also being developed, as well as tests to
understand the potential for crack growth in mixed mode loadings (Hirth,

Zok).
Studies of the TMF response of MMCs loaded parallel to the fiber axis
will be initiated (Zok, Leckie). Experiments will evaluate both in-phase and
out-of-phase loadings. Models of load shedding (matrix-fibers) will be used
to interpret the hysteresis loops and to develop fatigue life models applicable
to low cycle, high strain TMF.

4.

CREEP AND RUPTURE

4.1

MMCs

The considerable progress made in 1993 towards identifying and
understanding the mechanisms of creep and rupture in unidirectional
MMCs containing non-creeping fibers (McMeeking, Zok) will be used to
develop creep rupture software. The longitudinal creep model to be used
incorporates stochastic fiber fracture and interface sliding in a format
amenable to the prediction of primary and tertiary creep in terms of matrix
creep strength, interface sliding resistance, fiber strength, Weibull modulus,
etc. The concepts would be visualized in a rupture mechanisms map

KJ1S 4/2714
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(Fig. 4. 1). The transverse creep behavior would include interface debonding,
which greatly accelerates the creep, leading to marked anisotropy. A
constitutive law for creep that includes these effects will be developed
(Aravas. McMeeking).
Additional experiments and calculations will be conducted to assess the
effects of notches and holes on creep rupture (Zok, Suo). Experience with
MMCs at ambient temperature indicates that the notch sensitivity is largely
dictated by matrix properties (i.e., strength and ductility). The reduction in
matrix properties at elevated temperatures may lead to a substantial
elevation in notch sensitivity. However, this behavior may be complicated by
the development of alternate damage processes, such as shear bands.
4.2

CMCs

Studies of the creep and rupture of CMCs will continue with emphasis
on materials containing creeping fibers. A particular emphasis will be on
matrix cracking that arises as fiber creep relaxes fiber bridging tractions
(McMeeking, Evans). The experimental studies will be performed on SiC/SiC
composites. Hysteresis loop measurements will be used to monitor matrix
damage during composite creep, using procedures devised in 1993. Models
will be developed based on time dependent fiber bridging concepts
(McMeeking. Cox).
It is envisioned that the lifetime of some CMCs will be dictated by timedependent rupture of the fibers. A lifetime prediction tool for such a
composite must incorporate the knowledge of fiber strength degradation over
time. A new activity will be initiated to address this problem (Suo. Evans).
The initial work will involve a survey of data in the existing literature, and a
comparison with available models. A new model is being developed for single
crystal fibers. This model involves a residual pore inside a fiber which
changes shape, under stress, via surface diffusion, to become a crack. These
issues will be viewed in the broad context of fiber and composite
manufacture.

KUS J6271"4

Axial Stress, (MPa)
ooL
rP6U

/

CD4

CD

LCD

C)-

0

C/

0

C1~j

0

C

IC)

,)
6
03/Os9l

II

~llw

IBI~x

Fiue

.

12

5.

TRANSVERSE PERFORMANCE OF CMCs

Analyses and tests performed in 1993 (Ashby, Hutchinson. Bao) have
highlighted the essential issues related to components that experience
combinations of transverse tension and interlaminar shear. In both
loadings, matrix cracks form at manufacturing flaws at low stresses, of
order 10-100 MPa. These cracks extend across the plies and interact
minimally with the fibers. Although the crack configurations differ for
transverse tension and interlaminar shear loadings, multiple cracks always
form. This multiplicity of cracking causes a major reduction in stiffness,
which can cause unacceptably large displacements and also redistribute
stress into other areas. The formation of the matrix cracks is probabilistic in
nature and governed by the size distribution of manufacturing flaws. Design
based on the prevention of such transverse cracks must rely on weakest
link statistics, usually with a low Welbull modulus. Alternatively, it may be
assumed that cracks inevitably form and, instead, reliance is placed on
controlling the diminished modulus of the- material, after matrix cracking
has occurred. This approach relies on having 3-D architectures, with
transverse fibers introduced locally either by stitching or by using angle
plies. To explore this possibility, calculations will be performed (Hutchinson.
Evans) to examine fiber architectures that lead to minimum stiffness loss.
subject to acceptable in-plane properties. Based on these calculations, subelements will be designed that test out the concepts.

6.

COMPRESSIVE BEHAVIOR

The studies completed in 1993 on the compressive failure of polymer
matrix composites by the growth of kink bands (Budlansky. Fleck) will be
extended to metal matrix composites, through a coordination with 3M.
Compressive failure of Al and Ti MMCs with small diameter fibers has been
observed by 3M to occur In accordance with the same kink band
mechanism known to operate in PMCs and in C/C composites. The theory
should thus extend to the MMCs. with the fiber misalignment, the shear
yield strength of the matrix and Its work hardening coefficient as the

principal variables. A comparison between the theory and experimental
KJS 4127W
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results would provide the basis for specifying the compressive properties of
MMCs.
Compression failure of CMCs occurs by different mechanisms (Ashby).

The dominant failure modes are similar to those that operate in porous
brittle solids such as monolithic ceramics, concrete and rocks. The theory is
well established and validated for these materials. Applications of the theory
to various CMCs will be made and applied to the understanding of a
behavior of pin-loaded holes (Evans, Ashby).

7.

THERMAL PROPERTIES

A new focus on the thermal properties of CMCs and MMCs will be
initiated in 1994. Calculations of the effects of matrix cracks in the thermal
expansion of CMCs will be made (Hutchinson). These will be compared with
data obtained from TMF testing (Zok). The effects of such cracks on the inplane thermal conductivity will also be calculated (Hutchinson).
Measurements will be performed using the laser flash method (Ashby).
Thermal conductivity measurements will be initiated on TI MMCs
(Ashby). These will be used to understand the effects of the fiber/matrix
interphases and of matrix damage on the transverse and In-plane thermal
conduction.

S.

MATERIALS SELECTION

The Cambridge Materials Selector software will be expanded in 1994 to
include high temperature creep design with the corresponding data base
(Ashby). This expanded version will permit estimates to be made of
temperature limits for MMCs based on creep controlled TMF and on the
transverse creep of components with unidirectional reinforcements.

9.

DESIGN CALCULATIONS AND SUB-ELEMENT TESTS
A larger fraction of the effort in 1994 will be on design and sub-element

testing, particularly for MMCs. Discussions are now in progress with Pratt
and Whitney, Textron and 3M to perform design calculations using the
"KJS4IS4
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constitutive equations developed at UCSB and to produce sub-elements for
testing.
The design emphasis for MMCs will be on various diffusion bonded
Joints with Ti matrices and monolithic TI attachments. Two specific
subelements are envisaged. The first involves unidirectionally reinforced
rods (or plates), clad with monolithic metal. The purpose of the cladding is
to prevent exposure of the fibers to the environment and to mechanical
abrasion. The design of clad MMC structures requires consideration of
(1) the residual stresses resulting from thermal mismatch between the
cladding and the composites section, (it) the potential for fatigue cracks to
initiate and grow through the monolithic material, and (iii) the interaction of
such cracks with the composite section and their influence on the strength
and life of the structure. The design and testing of such subelements (Zok,
Leckie) will be augmented by calculations of crack growth and fracture,
incorporating the effects of thermal and elastic mismatch between the
cladding and the composite (McMeeklng). The clad structures will also be
used to initiate studies on the reinforcement of holes in composite sections
with monolithic metal patches. as drawn in Fig. 9.1 (Zok, Suo). The second
subelement involves the attachment of a MMC actuator rod to a pin-loaded
monolithic section (Fig. 9.2). The critical design issues relate to the strength
and fatigue resistance of the interfaces between the composite and
monolithic matrices. Design studies shall also be completed on rotor rings
with special efforts made to produce rule-based design procedures which
would be used by industry at the conceptual level of design to determine
sizes and the efficient disposition of material.
For CMCs, the sub-element studies would be based on the calculations
described above in Section 5. These would include C sections and
TJunctions (Fig. 9.3) Negotiations for manufacturing these sub-elements
will be initiated and tests performed at UCSB.
10.

AFFORDABLE MANUFACTURING

As our understanding of composite mechanics and its interplay with
design and performance has evolved, it has become increasingly evident that
cost and reproducibility, are major constraints. Even as processing
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developments make the prospect of affordable high temperature fibers more
realistic, evolving knowledge on the mechanical and thermochemical
functions of interfaces have led to design concepts involving carefully
tailored interphase layers, with unfavorable impact on cost. Moreover, if
affordable coated fibers were available today, fabrication costs associated
with consolidation and pressure densification would often remain
prohibitive. Future processing and manufacturing activities are predicated
on these issues, especially the need for new ideas, and the related
knowledge base.
10.1 MMCs
Melt processing methods provide the more affordable options in
composite synthesis with the added benefit of near-net shape capability. For
continuous fiber composites melt infiltration also enables full density while
minimizing the consolidation stresses that typically cause premature
reinforcement failure in solid state processes. However, melt processing
requires a high degree of thcrmochemlcal compatibility between matrix and
reinforcement since deleterious diffusional interactions would be accelerated
by the liquid phase. Conventional melt processing also exhibits limited
ability to control the volume fraction and spatial uniformity of the
reinforcements.
Among metal matrices, Ti alloys epitomize unsuitability for direct melt
infiltration owing to aggressive reactivity. Fiber clustering is also a concern,
even in solid state processes based on powder or foil matrices. Composite
consolidation by vapor deposition (PVD) of the matrix on the fibers provides
an avenue for improving homogeneity of fiber spacing. However, present
schemes require expensive pressure densification with its many problems. A
potential solution involves a hybrid manufacturing route wherein part of the
matrix is first applied to the fibers by PVD. The pre-metallized fibers are
then assembled into a preform having the desired shape and then infiltrated
with the remaining matrix in liquid form.
Direct infiltration with TI alloys could be feasible owing to the protection
of the fiber by the PVD layer, but the high temperatures involved would
exacerbate the diffusional interactions at the fiber-matrix interface. An
alternate approach involves depositing the more refractory constituents of
KJS 427/U
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the matrix (e.g., Ti, Nb, Mo, etc.) by PVD and then infiltrating with the lower
melting point constituents (e.g. Al). Based on stoichiometric considerations.
the latter approach would be suitable for matrices with Z 25 at.% Al, notably
the orthorhombic and a 2 alloys. The obvious problem with this approach is
the homogenization of the matrix after consolidation, which may require
lengthy high temperature treatments in the solid state. However, a
significant part of the matrix synthesis reaction could be effected in the
presence of molten Al, followed by a final heat treatment in the solid state.
While this lower temperature infiltration approach is evidently desirable
from a manufacturing viewpoint. it is not clear that matrix homogenization
can be achieved.
A program involving modeling and experimental work will be initiated in
1994 to generate the knowledge base appropriate to hybrid approaches for
Ti matrix composites (Levi, Evans). Cell models (single fiber environment)
would be developed to study diffusional interactions and
remelting/solldiflcation phenomena as a function of processing cycle
(temperature-time history). Experiments would be performed to elucidate
the relevant aspects of microstructural evolution and provide the reaction
and interdiffusion kinetics needed to calibrate the models. Initial
experiments would be performed by infiltrating pure Ti-wire preforms with
molten Al and subjecting the *composite" to different treatments in the
semi-solid state. Subsequent experiments would focus on developing a
metallization route for Ti-Nb alloys on SIC fibers and on the relevant
interactions with infiltrated Al. Larger scale modeling issues would be
tackled in 1995 if the proposed approach appears promising.
Ongoing activities on the understanding of microstructure evolution
and its relationship to properties in in-situ TMC systems based on TIB
reinforcements would be continued (Levi). These are by nature affordable
composites which exhibit inherent thermochemical stability and may be cast
into shapes using conventional Ti processing techniques. A potential
application of these materials would be in joints with unidirectionally
reinforced composites, wherein their higher modulus and creep resistance
combined with acceptable toughness and isotropic properties could be
advantageous. It is also anticipated that these materials could be used for
cladding in PVD or plasma-sprayed form, thereby reducing the potential for
fatigue crack initiation in the cladding. Since TIB is thermochemically stable
4JS 4271
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with practically all Ti matrices of Interest in fiber composites, such
strengthening concepts may be readily implemented.
10.2 CMCs
Measurements and observations in 1993 have shown that strong, high
strain to failure CMCs can be fabricated using an inexpensive method that
involves a) packing a powder around fibers within a fiber preform using
pressure filtration and b) making the powder matrix strong by heat
treatment followed by infiltration with a liquid precursor that decomposes to
an inorganic material. A composite made this way, with polycrystalline
alumina fibers in a silicon nitride matrix, demonstrated that the matrix
deflects the crack. This observation is significant since it suggest that a
class of CMCs can be processed without needing weak fiber/matrix
interfaces. The potential of this observation will be explored (Lange, Evans),
by processing a composite with strong, polycrystallne alumina fibers in a
mullite matrix because the thermomechanical properties of mullite minimize
thermal stresses and resist creep. In addition, the thermal expansion
mismatch is relatively small. Mixed Al, Si metal alkoxide precursors which
can be gelled in-situ, prior to decomposition, will be used to strengthen the
matrix.
Manufacturing studies would initiate with understanding the precursor
infiltration into mullite power compacts. The densification of the matrix
would be determined as a function of the cyclic infiltration. Microstructure
changes would be controlled to avoid flaw populations during densification.
The fracture toughness and the strength of the matrix would be determined
as a function of the number of precursor infiltration cycles. Composite
processing would initiate with precursor infiltration into alumina fiber
preforms by pressure filtration, with emphasis on the colloidal aspects of
this processing step. The goal would be to determine the processing
conditions needed to produce a matrix that optimizes the ability to deflect
cracks without degrading fiber strength. To optimize composite processing,
panels for testing under conditions of both strain and stress control would
be manufactured.

VJSNd271"
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L1.

STRESS AND DAMAGE SENSORS

The extensive exploitation of the optical fluorescence method of
measuring stresses in sapphire fiber and alumina-containing ceramic
composites begun in 1993 will be continued in 1994 (Clarke, Wadley). The
emphasis is on using the method to understand basic, unresolved issues in
stress redistribution in composites by the direct measurement, with high
spatial resolution, of the stresses themselves. Particular attention will be
paid to determining the stress distribution associated with interfacial
sliding. One of the problems to be addressed relates to new concepts for
oxidation resistant interfaces within MMCs and CMCs. particularly the
concomitant roles of fiber roughness and sintering on interface sliding and
debonding, after exposure to high temperatures and cyclic loadings. For this
purpose, fibers with fugitive, low modulus coatings will be explored and
fluorescence measurements used to understand stress evolution and its
connection with fiber durability within the composite. A second problem
relates to the distinction between the line spring and !arge scale sliding
models for fiber bridging (Budiansky, Hutchinson), so as to determine the
range of applicability of the two models. The two competing models predict
different distributions of stresses in the fibers within the bridging zone and
hence are amenable to validation on the basis of the measured stress
distribution.
Two approaches to measuring local damage are under development and
will be the focus of the sensor activities. One is the use of acoustic methods
(Wadley) to probe local variations in the elastic modulus of CMCs as a
function of load. This should provide a means of mapping the distribution of
damage which can be compared directly with the predictions of continuum
damage mechanics models. The second approach (Clarke) is to detect the
third harmonic signal generated by the presence of local damage.
Preliminary experimental results obtained in 1993 concerned with the
detection of crack-like voids in thin metal lines, together with computer
simulation studies, have demonstrated the viability of the technique. This
work will be extended in order to detect damage accumulation in CMCs and
MMCs.
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MECHANICS OF THE PUSH-OUT PROCESS FROM
IN SITU MEASUREMENT OF
THE STRESS DISTRIBUTION ALONG
EMBEDDED SAPPHIRE FIBERS
Qing Ma*, Lei Carol Liang**, David R. Clarke* and John W. Hutchinson**
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ABSTRACT
The basic mechanics of the fiber push-out process are studied by measuring the stress
distributions along c-axis sapphire fibers in t-TiAl matrices. The stress measurements
were made in sinu during fiber push-out tests using a piezo-spectroscopy method. By
focussing an optical microprobe into a sapphire fiber, the frequency shift distribution of
the chamcteristics R lines of Cr3 +, and hence the stress distribution along the fiber were
determined at each increment of applied load. By comparing the measured stress
distributions with ones calculated using finite element method, key mechanical
parameters including residual stress before composite slicing, debond length at each load,
debond energy and the frictional stress along the interface in both debonding and sliding
phases were determined. Two coating systems (Mo/AI20 3 and CVD-C/A12 0 3 ) were
studied. The results also show that while the debond energies differ by an order of
magnitude, the frictional stresses are very similar in magnitude, suggesting that the
interface morphology is of greater importance than the nature of the coating.
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Introduction
The fiber push-out test [1,2] has become an invaluable method of evaluating the mechan-

ical response of fibers in a matrix. Its attraction stems from both its relative simplicity as a
test method and from the fact that actual embedded fibers in a composite can be probed.
One draw back however is that very little data about each fiber is actually obtained from
the test. Normally the push-out load is recorded as a function of fiber displacement. From
this only the average effective frictional stress along the debonded interface can be obtained
with reasonable accuracy during the fiber sliding process (the sliding phase) after the whole
interface debonds, and when large displacement occurs. Attempts to deduce information
about the interface debonding process (the debonding phase), prior to the sliding phase,
from the load-displacement curve have been made. For example, the load drop at the transition between the debonding phase an' 4 the sliding phase has been used to estimate the
interface debond energy r. Unforturxtel•y, any connection between the load drop and r is
obscured by two problems. First, the steady state debonding process necessarily assumed
in deriving any relationship between load drop and

r

has not been confirmed rigorously by

experiments. In fact, recent calculations [3] indicate that the debonding can be unstable, at
least under certain conditions. Secondly, it has been demonstrated that due to the asperity
roughness of the interface, there is an "unseating" effect at the transition, which may increase
the apparent load drop [4]. Any such surface morphology also affects the interpretation of
the frictional resistance, r, obtained during the sliding phase, where large sliding distances
averaging the asperity effect along the fiber occurs. The measured frictional resistance may
therefore not be relevant for the debonding and sliding process experienced in brittle matrix
composites where only a small amount of sliding may occur before the fiber fractures.

In this contribution, we show that considerably more data is obtainable from the push-out
test when the stress distribution along the fibers during the push-out process is determined.
Such stress distribution measurements were made using techniques similar to that used in an
earlier work [5], where residual stresses in embedded fibers were measured. This measurement
technique is based on the piezo-spectroscopic properties of Cr+3 ions in sapphire, in which the
characteristic fluorescence R lines shift linearly with hydrostatic stress components. For the
axisymimetric problems of a c-axis fiber embedded perpendicular to the composite surface,
the shift Am depend on the radial stress a, and axial stress a, according to the following
relationship:
Az, - 211,a, + IIu

(1)

where 11. and II[ are the piezo-spectroscopic coefficients for the a and c directions. They
have been measured to have value of 2.70 and 2.15 cm-GPa-1, respectively [6]. A positive
shift implies tension and a negative shift implies compression. The frequency measurements
were implemented using an optical microscope having a small depth of field to both excite
and collect the fluorescence signals around its focal point. The depth profile of the frequency
shift is measured as a function of depth z through an exposed fiber end as the point of focus
was moved successively deeper. The detailed methodology will be described in section 2.
In our experiments, a load is applied at one end of the fiber, and is increased in several discrete steps until total interface debond occurs. At each load, the fluorescence shift
distribution along the entire sapphire fiber is measured through the other end of the fiber.
Several fibers with two different coatings (molybdenum and CVD-graphite) were measured
whilst under load in the pushed-out test. In preliminary experiments, it was observed that
the fibers with the same coating behave in a similar manner. In section 3, the measured
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shift distributions in both debonding phase and sliding phase will be presented for two fibers
with the two different coatings.
In section 4, finite element calculations are used to generate stress distribution functions
along a fiber with a number of different debond lengths. These stress functions are linear
summations of independent components resulting from the external load, residual stress and
interfacial frictions. Fitting these functions to the measured frequency shift distributions in
the debonding phase provides details of the axial and radial stress distributions at different
stages of the push-out tests, along with the debond lengths, the debond energies and the
friction in the debonding phase. The friction in the sliding phase is obtained by using a
shear lag model combined with the Lame solutions for a concentric fiber and matrix.

2

Experimental Method

2.1

The Through-Focus Depth Profiling Method

As illustrated in figure 1, the fluorescence from depth z below the top surface is measured
by focussing a laser beam through the fiber top surface using a microscope objective lens.
By focussing to successively greater depths and measuring the frequency shift, a profile
along the length of the fiber is obtained. Because of the small depth of field of the lens,
the fluorescence excited will be collected from only a small volume on either side of the
focal plane. The measured frequency shift AY(z) is hence a weighted average of that within
the effective excitation volume. Therefore, the actual depth profile of the frequency shift
has to be deconvoluted from that measured by using the depth of field function of the
microscope. As described in reference [5), the depth of field function near the top surface
can be measured by systematically moving the plane of focus from a position above the top
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surface to a position below the surface while recording the fluorescence intensity 1(z). The
depth of field function near the top surface is then:

g(z,o) = dI(z)(2 d-'T-(2)
dz
Here the second variable in g equals zero indicating that the depth of field function is measured at the top surface. As the distance below the top surface increases, the depth resolution
deteriorates, primarily as a result of the decrease of the effective numerical aperture resulted
from the ray blocking by the matrix on the sides of the fiber. It is necessary, therefore, to
obtain the depth of field function as a function of depth in order to correctly deconvolute the
measured shifts at depths larger than several fiber diameters. For this purpose, the depth
of field functions near the bottom surface of samples of different thicknesses were measured
using the same method as described above. The depth of field function at an arbitrary depth
can then be obtained by interpolation. For illustration, the depth of field function at the top
surface and at 600Om depth are plotted in figure 2 for our optical microscope using a 40/.55
water immersion lens and a 50prm collection aperture. Due to limited number of sample
thickness used, some error is expected in the resulting depth of field function. However, it
was confirmed that for any practical purposes, any reasonable error involved in the depth
of field function can only affect the deconvoluted curves within one fiber radius from the
fiber bottom end, because the measured frequency shift distributions are smooth functions
of depth z.
Having established the depth of field function, the measured shifts can then be related to
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the true shift profile AY(z) by:

A

z)du
+ u)g(u,
z)du
f;'_ g(u,
= f 9z) A=V(z

(3)

In order to evaluate the deconvolution it was assumed that the true shift Av(z) is a polynomial function of z but with unknown coefficients. By fitting the polynomial function
convoluted with the depth of field function using equation 3 to the measured distribution,
the values of the coefficients were obtained. The initially assumed function, with the coeffi.
cients obtained by fitting, is then regarded as the deconvoluted shift Av(z). The accuracy of
this method has been previously demonstrated [51 and can be judged later in this paper by
viewing figure 12, where the dashed curves are the true shift Av (the solid curves) convoluted
by the depth of field function. They have excellent fit with the measured data.
2.2

Push-Out Method

In order to simultaneously measure both the load and the frequency shifts in situ during
push-out tests, a special mechanical loading fixture was made to fit under the optical microscope of the microprobe. The fixture is illustrated in figure 3. A fiber selected for the
push-out experiment was aligned with the conical opening on the top plate. The cone shape
facilitates a large collection angle. The load is applied to the bottom end of the sapphire
fiber by using a short push rod made of a Nicalon SiC fiber. The load is applied using a
micrometer, through a lever and is measured by a load cell in series. This lever arrangement
is simply for the purpose of reducing the vertical dimension of the fixture, so that it could
fit under our optical microscope for the fluorescence measurements. During the push-out
experiments, the load was increased incrementally. At each load step, the frequency shift
profile was measured along the entire fiber by the through-focus technique described in the
5

previous section. When the load was increased to a certain critical value, the whole fibermatrix interface debonded and the fiber slid. The pushed-out distance was typically of order
of 10pm. The fiber was then pushed further using the micrometer so it slid for another
10pm or so to reach a stable sliding mode. The frequency shift profile is measured again
with the load applied. This profile gives information about the frictional resistance in the
sliding phase.
2.3

Specimen Preparation and Fiber Selection

Thin slices (- 0.5 mm) of the composites, cut perpendicular to the sapphire fibers, were
polished so as to obtain an optical finish at both fiber ends. The polishing facilitates the
observation and the optical measurements, as well as insuring the mechanical integrity of
the fiber. Because of the large statistical variations often observed in conventional push-out
tests, procedures were established to select fibers for the detailed push-out studies in this
work. First, visual inspections using optical microscopy were used to select fibers that were
actually perpendicular to the surfaces of the composite slice. This was assessed by using the
transmitted light of the microscope and comparing the relative lateral displacement between
the two fiber ends. From these fibers, ones having both a circular cross section with diameters
120-130pm, and a uniform coating were selected for the actual measurements. The depth
profiling method described above was then used to measure the distribution of shifts due to
residual stresses. A large fraction of the fibers measured showed irregular shift distributions,
indicating inhomogeneities in the coating layers. Fibers with smooth symmetric profiles (see
figure 4 and 6) were finally selected for push-out studies.
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3

Frequency Shift Distributions
Sapphire fiber (c-axis) reinforced y-TiAl matrix composites with two different interfaces

were fabricated by HIPPING at UCSB for this work. One had a double coating of Mo/Al2 03
and the other CVD-C/A12 0 3 . The material processing methods were described elsewhere 14).
In the following, the measured shift profiles in both the debonding phase and the sliding phase
are presented.
Plotted in figure 4 are the measured frequency shifts Av as a function of depth z for a
fiber with Mo/A12 0 3 coatings in the debonding phase. The top surface is at z = 0 and
the bottom surface, where the pushing load is applied, is at z = 516mum. Six frequency
shift depth profiles were obtained at successively higher applied load. The top curve was
measured without any load, thus corresponding to the residual stress state in the fiber. The
negative shift in the interior is consistent with there being a compressive residual stress
in both the axial and radial directions developed due to thermal mismatch between the
sapphire fiber and the -y-TiAl matrix (Table I). The magnitude of the shift decreases near
the top and bottom surfaces because of stress release occurring due to sample preparation.
The noticeable asymmetry of the curve about the sample mid-plane is partially due to the
decreasing depth resolution with increase of depth as mentioned in the last section and
can be effectively corrected by deconvolution. When an increasing load, P, is applied, the
magnitude of the negative shift correspondingly increases in the lower part of the fiber, but
remains essentially constant near the top end.
When the load was increased above P = 4.01 GPa, the whole interface debonded, and
the fiber suddenly slid out by a distance of about 10Am. To reach a stable sliding mode, the
fiber was pushed further so as to slide another few microns. The frequency shift profile was
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then measured again with the fiber under load. This profile is plotted in figure 5 along with
two other profiles, one obtained after release the load and the other after the fiber had been
pushed back into its initial seated position. The flat profile for the seated case indicates that
the axial stress is mostly released by a slight displacement.
The behavior of the CVD-C/A120 3 coated fibers is very similar to that of the Mo/A 2 0 3
coated fiber as shown in figure 6. However, the maximum load needed to push-out the fiber
was only slightly above 2 GPa, considerably smaller than that for the Mo/A120 3 coated
fiber. This indicates that the CVD-C/A12 0 3 coating has lower debond energy or has lower
friction in the debonding phase. The shift profile in the sliding phase was also measured for
the CVD-C/A12 0 3 coating and is analyzed in the next section.

Data Analysis

4

To obtain the maximum information, such as the debond energy and interfacial friction
as well as the interfacial debond length from the measured shift profiles, it is necessary to use
elasticity models relating the stress distribution in the fiber to these interfacial parameters.
4.1

The Debonding Phase

The stress distributions in the fiber debonding phase, with the complexity introduced by
the debond interface crack, cannot be accurately obtained by analytical means. We therefore
employed FEM to calculate the stress distributions. The model used in the calculation is
illustrated in figure 7. The details involved in the modeling were described in an earlier
work [3]. Briefly, the axial stress a. and the radial stress a, along the core of the fiber are
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calculated as superpositions of severm independent terms:
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where P is the applied load, PR and NR are the axial and radial residual stresses in the fiber
before the composite is sliced,

'To

is the assumed constant friction in the debonded interface

region, I is the length of the interface crack, and R 1 is the fiber radius. To compare with our
experiments, the stress functions f and g were calculated for a number of different debond
lengths, 1, and for the aspect ratios t/R 1 corresponding to the samples used. The model
used in this calculation was modified from the previous one [3] in order to incorporate the
relatively thick (- 10;m) A120 3 coating on the fiber. Actual mechanical properties of the
fiber, matrix and coating (listed in Table I) were used in the finite element calculations.
In the analysis following, we first compare the measured shift profile for the residual stress
with that computed so as to obtain the residual stresses PR and NR in the fiber before slicing.
In doing so, we first assume the whole interface is completely bonded. Figure 8a shows the
comparison between the measured shift profile (after deconvolution) and that calculated (the
dashed line). The slower variations at the two ends in the measured profile suggest that in
reality the interface is debonded to some extent at the two ends as a result of the sample
slicing. FEM calculations of the interface shear stress, assuming no debonding, gives values
near the two ends considerably higher than the interface shear strength for weak interface
systems [5]. However, as illustrated in figure 8b, by allowing the interface to debond about
1.5R! from the two surfaces, the fitting between the computation and the data becomes
excellent.

This fitting also provides values for the axial and radial residual stress in an

infinite body, PR and NR, respectively (figure 8b). The ratio PR/NR compares favorably
to the analytical result for a fiber embedded in an infinite body. Also, to obtain a good
correspondence, an appropriate friction stress has to be applied along the debonded section
of the interface. The negative sign indicates that the friction is preventing the fiber from
moving outwards as expected. From the above fitting the detailed axial and radial residual
stress distributions in the fiber in the slice are obtained as shown in figure 9.
Having obtained the residual stresses PR and NR, comparisons are made for the other
profiles obtained at various loadings as illustrated in figure 10. The fitting is obtained by
varying both the debond length and the interfacial friction in equation 4 and 5 until the
best fit to the frequency shift profile is achieved. Since in the finite element calculations,
the debond was only allowed to propagate up from point of loading, i.e., in the bottom
part of the fiber, the lack of fitting near the top end is of little significance. Also, because
the experimental data has large error within a distance R! from the bottom surface due to
optical effects, fitting in that region is only lightly weighted.
For a load P = 0.76 GPa, the applied stress is still less than the axial residual stress PR,
so the monotonic loading condition assumed in the calculation is not strictly valid. As a
result, the parameters from the fitting are considered less reliable. When P = 1.45 GPa,
which exceeds PR, it is expected that the direction of friction in the interface has been fully
reversed. However, because the load is mostly balanced by PR, relatively small amount
of friction is required to establish the equilibrium. Further, the effective load exerted on
the debond crack tip is also small, so that the debond length remains unchanged from the
residual stress case. When the applied load is further increased, the effective load on the
debond front also increases, which induces debond crack growth as the fitting demonstrates.
The friction also increases with load for reasons which will be discussed later in section 5.
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The parameters obtained by matching the finite element calculation to the measured
frequency shift are listed in Table II for the Mo/A120 3 coating. The shift profiles measured for
the CVD-C/A12 0 3 coated fiber were analyzed similarly. The comparison between measured
and calculated profiles are plotted in figure 11 and fitted parameters are listed in Table I1l.
The debond energy can also be obtained from the data. Recognizing that the effective
load applied on the debond crack, Pet1 , is the externally applied load P balanced by the
residual axial stress PR and the frictional stress To applied through the interface shear lag:

PR-

P.J! = P-

21

TO

(6)

Dimensional analysis indicates that the elastic energy involved can be expressed in terms of
the effective applied load and the debond length, 1, as

P r-•
r 1
U=6 fL
2E

(7)

The strain energy release rate, G, is therefore
0 8U

= --A

4UD

-
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(8)

The debond energy, r, can then be obtained by equating to the strain energy release rate,
namely,

r=G-

21
2
1(P-P
_--,ro)2

-86R!

(9)

Using Lamn solution [3,7], it can be shown that # is a function of the elastic properties of
the fiber and the matrix and is always very close to unity. Using the average values for the
effective load P.F
1 , from the data in Tables II and III, values for the debond energy for the
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two coating systems are obtained:

'M. = 0.57 J/m

2

2
rc = 0.03 J/mr

Note that data obtained at relative small loads were not used for the energy calculations,
because they do not correspond to the critical loading conditions.
4.2

The Sliding Phase

The frequency shift profiles in the sliding phase for the molybdenum and graphite coated
fibers are plotted in figure 12. The solid dots are the measured shifts at the depths indicated,
and the solid curve is the deconvoluted shift profile, obtained using the depth of field function,
representing the true frequency shift profile. For comparison, the dashed curve is the true
shift convoluted with the depth of field function, which fits the measured data, demonstrating
the accuracy of the deconvolution procedure. For both fibers, the profiles are essentially linear
in the center section, and show rather complicated end effects within the distance about one
fiber diameter from the two surfaces. To avoid the end effects, only the center section of
the curves is used to determine the value of the friction during sliding. This can be easily
accomplished using the standard shear lag relationship:
da.
do =

dz

2

(10)

R

together with the Lami solution [3]:

o, + NR = B(o + PR)
12

(11)

where B describes the effective Poisson's effect,

B = (1 - vf)Ev-EE
+ (I + &)E$

(12)

and E and v are the Young's modulus and Poisson's ratio of the ,natrix.
Combining equations 1 and 11, we obtain an explicit relationship between the frequency
shift and the axial stress in the sliding phase
a,

Av + 2rI.(NR - BPR)

(13)

211.B - IL

As in a typical push-out test, it is difficult to obtain the variation of friction along the
fiber due to the variation of normal stress across the interfaces. This is because the Poisson's
effect is not large enough to produce a clear curvature. Therefore the solution for the stress
distributior .. reduces to one with an effective constant friction no [31. Using equation 13 to fit
the center section of the curves in figure 12, the sliding frictional stress for the two different
coatings are found to be
T0 Mo
m.

Tro

5

180 MPa

c = 140 MPa

Discussion
By comparing the measured frequency shift profiles with those calculated using a finite

element model, we have obtained values for the debond energies, the frictional stresses, and
the debond length at different applied loads. In this section, we discuss their accuracies and
implications.
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From Tables 11 and III, it is evident that the debond length increases as the push load
increases once the load exceeds the residual axial stress PR. This provides direct evidence that
the debond growth process is a steady state, crack growth process when the debond length is
smaller than, or comparable to, half the fiber length. The whole interface debonds suddenly
when the load is further increased. This suggests that there might be a unstable crack
growth process near the top end of the fiber. Both of these observations are consistent with
the theoretical predictions using FEM [3]. The debond lengths in Tables II and III appear
to be multiples of the fiber radius. However, this is a consequence of the stress functions
being calculated for only a limited number of debond lengths. Therefore, the actual debond
length at a certain load could be either slightly larger or smaller than that obtained from
the fitting. This can be determined by examining the effective load Pel! at each applied
load. When the applied load is larger than PR, the effective load has to be positive, and
according to equation 9, they should have the same value during steady state debond growth,
for that the debond energy is always the same for a certain system. However, from Tables
II and III, we have both positive and negative values for the effective load, indicating that
the debond lengths are indeed deviated from the true values. Since excellent fittings were
obtained in the last section, it is reasonable to assume that the deviations are relatively small,
and therefore the average value for the effective loading for the two coatings are relatively
accurate. Consequently, the debond energies we obtained are considered relatively accurate.
We can then compare the effective load at each applied load with the average effective load

P77 to determine

whether the listed debond length is too large or too small. For example,

for the Mo coating, P.1 . <7 7

at P = 1.45 GPa, indicating that the real debond length is

slightly smaller than 1.5Rf. At P = 2.26 GPa, Pej! > 7'./f, indicating that the real debond
length is slightly larger than 3.3Rf, and so on. Using this procedure, we can qualitatively
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correct the uncertainty in the debond length. This data is shown superimposed with the
frequency shift data in figure 13 illustrating the debond growth in the two systems.
One of the principal results of this work is determining frictional stress values in the
debonding phase and its dependence on the type of coating. In figure 14 are plotted the
friction-load dependence for the two coating systems. Two characteristics are evident. First,
the friction increases with load. Although the friction in the calculation is assumed, for
simplicity, to be constant along the interface, the load dependence clearly suggest that the
friction depends on the normal stress across the interface, and may therefore be partially
Coulombic. To obtain the friction law, the normal stress averaged across the length of the
debonded interface was calculated for each applied load. The frictional stress as a function
of such normal stress is then plotted in figure 15 for the two coating systems. Instead of
obeying a linear, Coulombic dependence, the relationship appears to be parabolic, suggesting
that the friction may depend on small displacements of the fiber from its seated position.
Such asperity effects have been reported previously [4,8] and are addressed elsewhere [9,10].
The second characteristic feature is that the frictional stress for the two different coating
systems is quite similar. This strongly suggest that the friction in the debonding phase
depends primarily on the interface morphology, which in turn is determined by the sapphire
fiber surface morphology, rather than on the coating material per se. Therefore, in order
to reduce the friction in the debonding phase, it is important to improve the fiber surface
smoothness. Further, the large difference in the maximum load needed to push-out the fibers
and in the debond energy suggests that the debond energy determines the push-out load,
and therefore plays an important role in determining the composite property.
Finally, we have also been able to determine the friction in the sliding phase for the
two systems. The values obtained here and in other studies using conventional push-out
15

techniques agree rather well [4], with the friction for the CVD-graphite coating usually
exhibiting a smaller values than that of the Mo coating. We can therefore conclude that
in the sliding phase, the properties of the coating material are also important for frictional
sliding.

6

Conclusion
By measuring in situ the stress distributions along sapphire fibers at different stages of

the push-out test, and comparing them with those calculated using a finite element model,
the key mechanical parameters controlling the push-out process have been determined, and
their implications discussed.
The measurements of the residual stress distributions along the fibers before loading and
comparison to the computations provide the values of the residual stresses in the composite
prior to slicing a thin section for the push-out test. They also give the extent of interface
debonding caused by the slicing.
It is observed that the debond length increases stably with increasing applied load when
the debond is not significantly greater than half of the fiber length. This provides clear
evidence that the debonding process in this region is a steady state crack growth process.
The sudden debond of the interface afterwards suggests that there is also a unstable crack
propagation process near the end. These observations agree with the predictions made using
earlier FEM calculations [3].
The interfacial friction in the debonding phase is shown to increase with the applied load.
Further, the dependence of the friction on the average normal stress across the debonded
interface is nearly parabolic. These observations suggest that the friction is partially Coulombic and is strongly influenced by the asperities along the interface. In the debonding phase,
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the displacement is very small, so that the fiber is in a unseating process, and hence the
effective friction may depend on the displacement, in addition to the normal stress. Another
significant feature of the friction in the debonding phase is that it is very similar for the
two coating systems. This further suggests that the interface morphology largely determines
the interface friction, while the coating material plays a less important role. However, the
friction in the sliding phase obtained for the two coating systems are different in value and
are very similar to those obtained by conventional push-out tests [4].
The debond energies were also obtained for the two interfaces. For the CVD-C coated
fiber, the energy is about one order of magnitude smaller than that for the Mo coated fiber,
which explains why the load required to push-out a CVD-C coated fiber is only half of
that for the Mo coated one. The implication of this is that the debond energy will also
significantly influence the fracture properties of composites
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TABLE I
Properties of Fiber, Matrix and Coating

PROPERTY

Sapphire

-y-TiAI

A12 0 3 Coating

E (GPa)

420

173

420

v

0.27

0.33

0.27

a (10-/1C)

8.3 (a), 9.0 (c)

19

11

13

8.6

TABLE II
Fitting Parameters Obtained for the Mo/A12 0

3

Coated Fiber

APPLIED

FRICTIONAL

DEBOND

EFFECTIVE

LOAD

STRESS

LENGTH

LOAD

P (GPa)

7o (GPa)

1/R1

P.1 1 (GPa)

0.00

-0.15

1.5

0.76

0.04

1.5

1.45

0.095

1.5

-0.035

2.26

0.14

3.0

0.22

3.15

0.22

4.5

-0.03

4.01

0.27

4.5

0.38
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TABLE III
Fitting Parameters Obtained for the CVD-C/A12 0

3

Coated Fiber

APPLIED

FRICTION

DEBOND

EFFECTIVE

LOAD

STRESS

LENGTH

LOAD

P (GPa)

ro (GPa)

I/R 1

Pef (GPa)

0.00

-0.12

1.5

0.68

-0.03

1.5

0.98

0.05

1.5

1.25

0.09

1.5

0.03

1.55

0.10

3.0

-0.01

1.85

0.13

3.0

0.12

2.14

0.15

4.0

-0.01
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Figure Captions
Figure 1. Schematic diagram of the optical arrangement used to collect fluorescence from a
region in an embedded sapphire fiber under push-out load. When the laser excitation is
focused at a distance z below the top surface, only the signal generated in a small volume
above and below the focal plane is effectively collected by the lens.
Figure 2. The depth of field functions, measured at the top and the bottom surfaces of a
sapphire fiber. The degrading of the depth resolution is caused by the ray blocking effect of
the matrix, which decreases the effective numerical aperture of the system.
Figure 3. The mechanical loading fixture used for the push-out test. It is designed to fit
under a optical microscope for in situ fluorescence measurement. The dimensions are not
drawn in scale The push rod made of a Nicalon SiC fiber, for example, is only 100pm in
diameter, and the sample thickness is - 0.5 mm.
Figure 4. Measured frequency shifts Av as a function of depth z for a fiber with Mo/A12 0 3
coatings in the debonding phase. The top surface is at z = 0 and the bottom surface,
where the pushing load is applied, is at z = 516pm. Six shift depth profiles were obtained
at different loads sequentially. The top curve was measured without any load, thus
corresponding to the residual stresses in the fiber.
Figure 5. The shift profiles for a fiber with Mo/A12 0 3 coatings, measured after the whole
interface debonds. Three profiles correspond to cases of fiber with load applied (bullet),
with load released (square) and pushed back to its seated Position (diamond), respectively.
Figure 6. Measured frequency shifts Av as a function of depth z in the debonding phase
for a fiber with CVD-C/A12 0 3 coatings.
Figure 7. Schematic diagram of the push-out configuration of the finite element model.
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Figure 8. Comparison between the measured shift profile (deconvoluted) and that
calculated. (a) Assuming no debond near the fiber ends; (b) Assuming appropriate debond
and friction near the fiber ends to match the data.
Figure 9. Axial and radial residual stress distributions in the Mo-coated fiber after slicing.
Figure 10. Comparison of the shift profiles obtained at various loadings for the Mo/AI2 0 3
coated fiber, together with the parameters used to obtain the best fit. Since in the FEM
calculations, the debond was only allowed at the bottom of the slice, the fitting near the
top end carries little significance.
Figure 11. Comparison of the shift profiles obtained at various loadings for the
CVD-C/A12 0 3 coated fiber.
Figure 12. Shift profiles obtained in the sliding phase for the Mo/A12 0 3 and CVD-C/A12 0 3
coated fiber, respectively. The solid dots are the measured shifts and the solid curve is the
deconvoluted shift profile obtained using the depth of field function and therefore
representing the true shift profile. The dashed curve is the true shift convoluted with the
depth of field function.
Figure 13. Estimated positions of the tip of the debond crack as the applied load increases
for the Mo/A120 3 coating and CVD-C/A12 0 3 coating, respectively.
Figure 14. The dependence of frictional stress on the applied load for the two coating
systems.
Figure 15. The dependence of frictional stress on the average normal stress across the
debonded interface for the two coating systems. The curves show parabolic fittings.
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NOMENCLATURE
ai

composite coefficients defined by Hutchinson and Jensen 22

bi

composite coefficients defined by Hutchinson and Jensen 22

ci

composite coefficients defined by Hutchinson and Jensen 22

f

fiber volume fraction

2

mean matrix crack spacing

;as

mean crack spacing at saturation

Ii

mean debonding length

fu

sliding length upon unloading

4r

sliding length upon reloading

p

residual pressure at the interface

q,

axial residual stress in fiber

q°

axial residual stress in matrix

u

crack opening displacement

E

Young's modulus of composite

Ej

Young's modulus of fiber

Em

Young's modulus of matrix

Es

secant modulus of composite

E*

Young's modulus of material with matrix cracks

Ep

tangent modulus minimum (Fig. 6)

E

hysteresis modulus of the composite

R

fiber radius

E

strain

£0

permanent strain

Ep

peak strain

£e

elastic strain

ES

sliding strain
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ET

misfit strain

S*

misfit relief strain caused by matrix cracks

8

hysteresis loop width

8e,2 hysteresis loop width at dp/2
Ae

inelastic strain difference (Fig. 6)

AU

inelastic strain difference (Fig. 6)

V

Poisson's ratio (assumed to be the same for fiber and matrix)

d

stress applied on the compositev

do

stress acting on 00 plies in a 2-D material

dD

'debond' stress -t zero misfit stress

ai

'debond' stress

d1c

matrix cracking stress with zero debond energy 31

6mc

matrix cracking stress

%lp peak stress
ds
dT

stress at crack saturation
misfit stress

T

interface sliding resistance

"r0

constant interface sliding resistance

ri

interface debond energy

Frm

matrix fracture energy
non-dimensional stress, •/1p

7XD4- OD/Gp

ri--- ir/dp
¥ The bar superscript is used to be consistent with Hutchinson and Jensen2 analysis which denotes a
stress applied on the composite.
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ABSTRACT

A methodology for assessing constituent properties of ceramic matrix composites
(CMCs) from stress/strain curves is developed. The procedures demonstrate how the
properties of the interface and the misfit strain can be related to the unload/reload
hysteresis and the permanent strain. The approach is illustrated in companion papers
by obtaining experimental measurements on two CMCs. The results demonstrate why
differences in the sliding stress and the debond energy of the interfaces result in
substantial changes in the shape of the stress/strain curve.
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1.

INTRODUCTION
The non-linear behavior of ceramic matrix composites (CMC) caused by matrix

cracking and fiber pull-out has a critical influence on the sensitivity of the material to
stress concentrations caused by notches, holes, etc.1" An experimental methodology for
characterizing the inelastic strain is needed. In particular, since CMCs are subject to
constituents that can be influenced by processing, it is desirable to develop a
methodology that relates the macroscopic behavior to constituent properties (fibers,
matrix, interface). Then, the influence of changes in the constituents and of processing
conditions on the macroscopic behavior can be predicted. A set of constituent properties
that influence the inelastic strain, as well as methods of measurement, is summarized in
Table I. A recently proposed methodology7 is developed in this article. The procedure is
illustrated and applied in two companion papers8 ,9 with examples given for two CMCs
(SiC/SiC and SiC/CAS), both 1-D and 2-D. Measurements1 0,11 and analysis 12 have
established that the inelastic strains are primarily attributed to the displacements caused
by multiple matrix cracks. These strains, which relate explicitly to constituent
properties, 12 are emphasized.
Tensile stress/strain, d(e), curves for three CMCs (Fig. la, b) indicate the nonlinearity. For the C matrix material, the matrix does not exhibit multiple cracking and
the inelastic strain derives solely from stochastic fiber failure. 13 Such materials are not
addressed. Conversely, in CAS and SiC matrix materials, the inelastic strain derives
principally from multiple matrix cracking. 12, 14 The emphasis is on materials of this
type. Schematics of the stress/strain curves for unidirectional and cross-ply CMCs
(Fig. 1c) illustrate some essential features. For unidirectional CMCs, matrix cracks
commence at a characteristic stress, designated anc.15,16 The crack density increases as
the stress increases above amc.17 Moreover, the interfaces debond and slip within a zone
of length li, adjacent to the cracks. 15-18 Subsequently, the interface slip zone emanating
KJSEvns-36-TA.-wWi Cft/ g1f12021-10:10 AM*2/194
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from neighboring cracks overlaps. 17 At this stage, crack saturation occurs, at another
characteristics stress, designated as.12,17 Typically, bs/amc is in the range, 1.5 to 3.1012,14

In some cases, composite failure occurs before ds is reached (Fig. 1a). 14 The

methodology developed in this article demonstrates that it is only necessary to conduct
experiments in the stress range, amc < d < d,, where slip overlap is not an issue, in
order to evaluate constituent properties.
The behavior of cross-ply CMCs is more complex (Fig. lb, c). It involves initial
cracking in the 900 plies. 19 Subsequently, these cracks begin to penetrate the 0* plies, at
stress CY

and extend stably, subject to increased loads. 11 ,20 In some materials,

additional matrix cracks form in the 00 plies, as the load continues to increase. 14
Eventually, the slip zones associated with the cracks in the 0* plies overlap and
saturation occurs, at stress,
interferes before i'

a.

In some cases, such as SiC/SiC, composite failure

is reached. 14 1n the stress range, C c < C0 < Y., the inelastic

strains evolve in a manner similar to those occurring in unidirectional material. Again,
this is the stress range emphasized in this article, as indicated on Fig. lb.
After the onset of matrix cracking, and upon unloading/reloading, there is a
reduction in elastic modulus (Fig. 2), hysteresis usually occurs, and there is a permanent
strain. Each of these features contains important information about the constituent
properties, particularly the interface debonding/sliding behavior expressed by the
debond energy

ri

and the sliding stress T , as well as the fiber/matrix thermal

expansion mismatch, represented by the misfit stress, a T. Complementary information
about constituent properties can be obtained from fiber pull-out and from fracture
mirror measurements, conducted on the composite after testing to failure. 4 ,2 1 The
spacing of the matrix cracks in the 00 bundles also relates to constituent properties. 17,22
The interface properties,

ri and

r , have been obtained on CMCs by a variety of

test methods. These include fiber push-in 23 ,2 4 and push-through tests, 25 ,2 6 as well as
tensile microcomposite tests.2 7 These methods have several disadvantages for the
I¢,S-Euns-36TA-.WMd CSIM
I
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routine evaluation of constituent properties suitable for stress/strain curve simulation
and design purposes. The principal disadvantage is that the test methods and their
interpretation are intricate, especially for the small diameter fibers used in CMCs.
Moreover, they are even more difficult to apply at elevated temperatures, as well as for
evaluation of interface degradation ('wear') effects that occur either upon cyclic loading
or during creep. A further limitation is that these methods are applied to individual
fibers, whereas average values are needed to allow for fiber-to-fiber variations in T; and
ri, as well as fiber misalignment, waviness, etc.
The preferred methodology would provide averages measured on CMCs with
typical fiber variability and misalignment. It should also be applicable at elevated
temperatures and after cyclic loading. Moreover, it should be straightforward
experimentally and involve procedures that give ", ri and FT in an explicit,
reproducible manner. The use of hysteresis measurements made at stresses above that
needed to induce matrix crack, but below the saturation stress, is explored here as a
methodology having this potential. For this purpose, the basic formulae that relate the
stress/strain cycle to constituent properties are developed for stresses below as. The
behavior at larger stresses has been analyzed separately.12
The present analysis is restricted to the case wherein the sliding resistance behind
the debond is spatially uniform, as found for composites in which sliding is controlled
by fiber roughness. 2 3,25,2 6 This premise represents the simplest level at which the
interface properties can be characterized and used to simulate inelastic strains.
However, the possible degradation of ¶, caused by wear mechanism, upon cyclic
loading, etc.,28 is addressed by the methodology. Indeed, it will be shown8 ,9 that the
hysteresis approach allows such changes in T to be measured. When appreciable spatial
variations in T occur along the slip length, such variations are evident from the
hysteresis loops 8 . The interpretation would then have to be modified in a manner
similar to that used for Coulomb friction. 18 This level of complexity would only be used
KJS-•E.,n-3S.TA-W• CM I 9,I-.10:10 AM..1/94
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when the uniform -T approach gives unacceptable discrepancies. A straightforward
methodology for experimental implementation is presented in two companion
papers.S,9
Once the above methodology has been developed and validated, the constitutive
law can be used to simulate stress/strain curves, in terms of constituent properties.
Examples of simulated curves will be given which highlight the relative influences of
the constituents.

2.

PHILOSOPHY
The basic concept requires that the composite be loaded in tension, to a stress in

excess of the matrix cracking stress, but below the crack saturation stress. An
unload/reload cycle is then performed and the strain monitored.29 Each hysteresis loop
is analyzed to evaluate the constituent properties. i tuese properties change with stress,
there would be associated differences in the hysteresis loop shape and width. Moreover,
changes in constituent properties upon cyclic loading 28 would be evident for loop
measurements made periodically during a fatigue test.
"Thestrains that occur upon unloading and reloading measured using conventional
mechanical testing machines, are typically recorded at very small stress intervals (of
order 0.5 MPa) and stored on disc. The strains can be comprehensively analyzed by a
number of alternative procedures, discussed in the companion papers,8 ' 9 to ensure that
the information has high fidelity. Deviations from the formulae described below are
readily discerned and may be used to test the utility of the analysis. As a further
assessment, the constituent properties obtained from the hysteresis loops may be used
to simulate the stress/strain curves using formulae given by He et al. 12 . Comparison
with experimental measurements provides the ultimate test of the fidelity of the
constituent properties.
KrJS-Ewn--TA-MWd CAA !3112f21-10:10 AM-24M94
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The hysteresis formulae are derived by applying the same cell model previously
used to predict the stress/strain curves associated with matrix cracking,12,1 8 (Fig. 3) as
well as for analyzing push-in 23 and microcomposite tests. 27 The variables are the crack
spacing, the stress applied on the composite, the interface properties, 'T and

ri, the

misfit stress, E T, and the elastic properties of the fibers, Ef, V1 and matrix, Era, Vm.
One requirement for full use of the methodology is that independent information
be available about the matrix crack spacing in the 0* plies. However, this information is
required only at one stress level above the mtrix cracking stress. Procedures for measuring
the crack spacing are now well established for many CMCs. These procedures are based
either on acetate replicas, or direct optical microscopy or upon etching followed by
microscopy. 10,11,14 Such procedures are straightforward and are used in the companion
papers.8,9

3.

THE MATRIX CRACKING MODEL
Analyses by Hutchinson and Jensen (H J),18 and by Marshall 23 provide the basic

formulae. These solutions relate the material displacements to the applied stress in the
presence of matrix cracks, with debonding and sliding interfaces, for various loading
and unloading situations (Fig. 4). These displacements are related directly to the
inelastic strains, subject to independent information about the spacing between matrix
cracks. The basic situation is depicted on Figs. 3 and 4 and amplified in Appendix I.
During loading, upon matrix cracking, interface debonding followed by frictional
sliding are considered to occur. The debond length, 4t, depends on the debond energy,

ri, the sliding stress,

'C, and the misfit stress, YT. Upon unloading, reverse sliding

initiates at the crack surface, without further debonding. The reverse slip length, 4u,30
increases as the load is reduced. Upon subsequent reloading, sliding without debonding
again occurs with a sliding length, 14, that increases until the original stress Is regained.
KJE-vw~S-3S-A-•d C
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The non-linear phenomena associated with matrix cracking are schematically
depicted in Fig. 2. The inelasticstrain upon loading has one term, CS, that arises from the
matrix crack opening caused by interface debonding/sliding, and a second e"caused by
relief of the misfit strain. The elastic strain, e, depends upon the elastic stiffness, E, of
the material containing matrix cracks. 12 The total strain Eat stress d is thus,

E =

(1)

.'+C*+E"

where e* = d/E°. The permanent strain at zero load,

£0,

also includes contributions

from misfit relief, e°, and sliding, e' (Fig. 2),

E0

=

E' + "

(2)

The behavior during an unload/reload cycle is illustrated in Fig. 2. A small elastic
deformation occurs upon initial unloading (Fig. 2). The slope E° reflects the elastic
stiffness of the composite containing matrix cracks. Additional displacements arise
when reverse sliding initiates at the crack plane. This process commences when the
interface shear stress, induced upon unloading, exceeds T. The zone of reverse slip is
confined within the debond zone (created upon loading), provided that the debond
energy Ti is relatively small. 18 ,23 When this condition exists, the non-linear unloading
displacements are shown to be quadratic, down to zero stress. Otherwise, the reverse
slip zone stops at the debond tip and a change in slope occurs, with the final unloading
phase being linear. One important consideration, addressed below, concerns the
criterion governing this change in behavior.
The analysis of the non-linear strain is presented at two levels, for clarity. The first
considers small Ti, such that the reverse slip process is not impeded at the end of the
debond. This condition is referred to as small debond energy (SDE). The second
KJS.Evuns-6-TA.MIthd C*M 19311221,10:10 AM,2i
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examines the interaction between the debond and reverse slip, at large

ri, designated

large debond energy (LDE). A parameter that specifies whether the debond energy is
large or small with regard to its effects on the unload/reload behavior has been
identified as:18 ,23
(/c)

*

mi/R

~T/ta
U

(3)

where R is the fiber radius, Em is Young's modulus for the matrix, ip is the peak stress
reached before unloading and ci are coefficients defined by H J18 (Table H).- The stress
di is the 'debond' stress, which corresponds with the applied stress at which a debond
can be initiated. Note that the misfit stress CT is related to the misfit strain, ET, by,

aT

=

(C2/c,)Em.

T

(4)

This stress is also related to the residual stresses, by means of the formulae summarized
in Table MI. The debond stress, k can be expressed in terms of the misfit stress by

i = &o-

;6(5)

where (D now refers to the debond stress at zero misfit stress

aD

=

(l/c,)V/E.I'/R

Consequently, Eqn. (3) has the useful non-dimensional form,

t Note that, in FJ terminology, type II boundary conditions apply.' 8
KJS-Eens-36-TA-MUd Ci
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!

Xi

=

=

(6)

'D-Z

It has been demonstrated23 that reverse slip upon unloading does not reach the
debond tip whenever Zi < 1/2, or when

2EM

This condition specifies SDE. Otherwise, LDE obtains and reverse slip arrests at the
debond tip, when the stress upon unloading reaches a transition value atu given by

5.

=

-

(8a)

Symmetrically, upon reloading, sliding again stops at the debond, at a stress

a3

= 2(UP- U)

(8b)

Based on Z i as a parameter, these sliding behaviors can be represented by a mechanism
map (Fig. 5). At stresses below anc, the material is elastic. The relationship between Fi
and ai

analyzed elsewhere,31 thus represents a lower bound for the onset of inelastic

deformation. At higher stresses, inelastic strains develop, because of debonding and
sliding. In this range, the hysteresis and the permanent strain are dependent on Z i. SDE
and LDE are separated by Z i = 1/2. The consequence of reverse slip interacting with
the debond, in LDE materials, is evident in the hysteresis loop (Fig. 6), as described
below.
In the following analysis the inelastic strains caused by interface debonding and
sliding that result in hysteresis and a permanent strain are considered. SDE and LDE are

KJS-Evans-36-TA4-MJd COM I 9IWV121.10-10 AM.2j3,g4
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analyzed separately. Then, the additional contributions to the strain caused by the
increase in compliance and by misfit relief are addressed. Finally, some special issues
concerned with the crack density are examined.

4.

SMALL DEBOND ENERGY (SDE)

4.1 Crack Opening Displacements
The previous analyses of interface inelastic deformation have emphasized crack
opening displacements. 18,23 To make connections with this literature, the present
analysis also commences with these basic results. The opening displacement of a crack
upon unloading,uu, at small Fi is given by23

-E =

=

P

(b2++b 3 ) (1- alf)2
R]P~)2(a
2

withlo,23

2¶oE

)f2 ]

where / is the fiber volume fraction. Convenient non-dimensional forms of Eqn. (9) are
•

= U/R
J = UP-

[1-Z.]

(10a)

and
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UP. au,/R

=

2U11,[1++;](10b)'

where U is a non-dimensional parameter, referred to as the 'Crack Opening Index,'

V

4 o2
(b2+b3)(1-af)2
2
4?oEmn f

=

¢2

such that,
=

+ 1- 22:' + 22

[4(1-_)IT

]c)

The corresponding result for reloading (the subscript r refering to the current value
during the reloading phase) is,

ur/R

Ur

=

(11a)

Uo+ UVZ

with
U0

S uo/R
(bib)
=

.[ 4 ( 1

=

U[4 (1-

Li)•T
)-

+1-2Z7]

such that

U,

)T+

1-

KJS-Evalns6TA--Mtd OM gI12i2110:10 AM-244g4

2

i

r+
]

(11c)

14

Here, uo is the residual crack opening at zero load. Hysteresis loops simulated using
these relationships are presented on Fig. 4.
The preceding results can be re-expressed in terms of alternative displacement
quantities. When the tensile displacement, A, along a gauge section, length Lo, is
measured and only one matrix crack exists in that section, the displacement consists of
three terms,

A = A'+ A'+

(12)

The term, As, represents the extra displacement caused by the existence of the crack,
which has induced debonding and sliding. The other terms, Ae and A* are associated
with the elastic stretching of the fiber and matrix. The extra displacement As is related
to the crack opening displacement, us by,

b2
2

u
b

(13)

3 j

When the gauge section contains multiple cracks, the displacement As is related to the
non-linear strain es, provided that the peak stress Np is below the saturation value, ds.
Then,

A5 - £'.d

(14)

where d is the mean crack spacing.
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4.2 The Strains
Important relationships exist between the total strains and the constituent
properties. These are obtained using Eqns. (1), (10), (11), (13) and (14). Upon unloading
and reloading the strains are described by quadratic, symmetric curves (Fig. 6a) such
that

(15a)
[4(1- '-i)

S

T+1-221

+22:Z- V +o./E'+E"

and

Er

Er

e+E

(15b)
H[4(1

-

-_

)IT

+1-2

2 + 1]+(;r/E' + ."

where H( is a non-dimensional parameter for the material, designated the 'Inelastic
Strain Index,'

b 2 (1

=

-

a,f)2 R

/4droE.f2

(16a)

such that

R

=d
=

%[HE./2]X

(16b)

where
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X = (4/b 2 ) (fl/(1 - a,f))2

(16c)

It will be shown that H is the key index governing the contribution to the inelastic
strain from interface sliding. However, since H depends explicitly on the applied stress,
it is sometimes more insightful to define an alternative 'Inelastic Strain Parameter,' L
that depends only on material properties, where

L = H/U2

(16d)

Clearly, L has dimensions (stress)-2 .
The first two terms in Eqn. (15), E. and e:, are the sliding and debonding
contributions to the total strain. Complete analysis of the hysteresis loops can be
conducted from these formulae. Both unloading and reloading commence with the
same slope, E*. Moreover, both have a minimum slope, Ep (Fig. 6a), given by

1/Ep

= 1/E'+2H/-yp

(17)

The permanent strain is now obtained, using Eqn. (15a), as 5u

=0 E+

-4

0, giving

e

(18)
-

[4(1-

~~+1-2 i ]+F-

with e0 being the debonding and slid

t

g contribution. The corresponding peak strain isl

These results also apply for LDE.
Evans-36-.TA-Md C•M •i 12.1o:1oAM-2,94
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+

+ U(19)

Note that the secant modulus, Es, is related to these strains by
lIE5

=

%

•

(20)
*1/E* +(E5+E)/U

Another modulus is, in some cases, more convenient for data analysis, designated
the hysteresis modulus, E. This modulus is the slope between the bottom and the top of
the hysteresis loop (Fig. 2). It can be expressed as a function of the difference between
the permanent strain and the peak strain
E

=

u

E

E-)(21a)

Then, with Eqns. (18), (19) and (21a)

1/'E- =- 1/E' + H/'op

(21b)

These SDE results reduce to the approximate results, derived previously, 32 when
various contributions to the strain are neglected; the Poisson effect, the misfit relief effect
and the compliance effect. Generally, these effects are important and must be included
in order to either use inelastic strain information to evaluate constituent properties or to
simulate stress/strain curves.
Two strain differences, As 0 and AEp, defined on Fig. 6a, are also convenient for
data analysis. These are given by,
KJS-Evans-30TA.Mhd CIM 19311 2/.1 0.10 AM..2J194
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Ae0

= E-

(E,-

Up/E )

(22a)

AE,

= (ep-

U,/E')- E.

(22b)

and

Then, upon introducing the preceding expressions for the strains, it is found that (for
SDE) both strain differences have the same magnitude,

Aeo

= AE

a H

(22c)

This equivalence contrasts with LDE, elaborated below.

5.

LARGE DEBOND ENERGY (LDE)
When the debond energy is large, interaction of the reverse slip zone with the end

of the debond results in a hysteresis curve with two unload/reload regimes (Fig. 6b).
Initial sliding upon unloading occurs subject to a continuously increasing reverse slip
length (as for SDE, Eqn. 15a), such that

E

=

E.+E:+E"

(23)
=- H[4(1-

I•,)I:T

+1-2:

2 +2T

-

V]+,ao/E'+&"

This behavior continues until the reverse slip zone reaches the end of the debond zone.
This event occurs at a transition stress,
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(24)

= 2Z,-1

It.

At smaller unloading stresses, the unloading occurs at fixed slip length and is thus linear,
as given by:
U=

E +E +E

(25)
-

The behavior on reloading mirrors that on unloading (Fig. 6b). The initial segment is
non-linear
Er

Er' + Er*+E

(26)
[4(1 -l)ZT

-

+2(1-

£iy)2

r

CFl+
r/E* + E"

The non-linear behavior obtains at stresses up to

It

= 2(1- X")

(27)

At larger stresses, linearity resumes, such that
Er

=

Er +E r + E

(28)
= 2.1(5-- I

-C(I
-122-*-l)O+
22j+

[2A:T B/E*
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The tangent modulus when unloading and reloading begin is again E* (as for
SDE). However the minimum slope, EP, is now
1/Ep = I/E" + 4H(1- zj)/up

(29)

The corresponding relationship for the permanent strain is
Lo

=

Ies0 +e.

E0
IT(30)

Eo

+

o

The peak strain is necessarily the same as that for SDE (Eqn. 19). Consequently, the
secant modulus is also the same (Eqn. 20).
However, the hysteresis modulus now involves the debond energy and is given by

S=

(31)

The strain differences Aeo and &p (Fig. 6b) are given by

AEO

= 49'(1-

)1

AE,

= 4H(Z
1 (1-Z 1 )

(32)

and

(33)

The relationships between these strain differences are presented on Fig. 7.
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THE HYSTERESIS LOOP

6.

Analysis of the hysteresis loop based on the total strain formulae indicates the
existence of three regimes. For SDE, Eqn. (15) gives the loop width 8 E at fixed strain

(

k=a = ar) as

8e//

=

(34)

2Z(1- L)

The maximum loop width occurs at " = 1/2, with

(35)

= 9H/2

8

For LDE, the loop width is reduced. In the range, 1/25 7-i < 3/4.

8F/H =

4(1- I,)Z

(0: 1:5
Z2 1i- 11

- (1- 22-j)2 + 21- 21-2

[(22: - 1) <- < 2(1- Xj)]

3 - 4 1i+2(22:j-_ )j:-

1:

(36)

[2(1- 2,):5 1:5 ]

such that the maximum loop width still occurs at . = 1/2, with

8 X= M [1/2 -(1 - 2

When 3/4 <

(37)

1,

,,41-1 I
SETA(I

j)2 ]

4

[o <15(1-1j

:

[2(1-- 19j):5 1:512

1

3 -41
(2j+ -1)
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+12

[2Z 1 - 15 X51]

-A11

(38)

In this case, the loop has uniform width over a range in stress, 2(1 - Zi) <

< (21i - 1).

The width in this range is

4(1)

S--

(39)

The overall trends in 8 F and in the maximum !oop width are presented in Fig. 7.

7.

ELASTIC AND MISFIT STRAINS
Two important effects arise without interface sliding, reflected in the magnitudes

of E* and e'. These two quantities are connected by the relationship,18

E"

-

ETEm(E/E* -

1)f a 2/E(1- a,f)

(40)

The elastic modulus, E*, has a dependence on crack spacing, given by12

E/E- 1 = (R/d)B

(41)

where the function B depends on f and Ej/Em. Calculated values are plotted on Fig. 8.
Moreover, the misfit relaxation strain, E°, is related to E* and OT, as shown by the
construction in Fig. 2b,
J

=

[1/E-,1/El-f

srJS-Evw*-36.TA-Mid CO
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THE CRACK SPACING

8.

The interpretation of experimental data is rigorous when independent information
is available concerning the matrix crack spacing d. It is relatively straightforward to
obtain d at the completion of a test, but it is difficult to measure the stress dependence.
One approach is proposed here. Before failure, the crack spacing usually reaches (or
closely approaches) the saturation value d5, at stress ds (Fig. 2a). This value can either
be measured directlylO, nA 4 (Fig. 9a) or it can be estimated from analysis of overlapping
slip zones between neighboring cracks (Fig. 9b).17,22 The latter suggests the scaling,

as

-

To'2/3. Sinced varies from 0 at the onset of matrix cracking to ds at the saturation

stress, •s (Fig. 2a); then the variation can be approximated by7

K

/OM

-

1](43)

This linear interpolation between i% and amc is compatible with existing experimental
measurements 7 (Fig. 9). The 'Inelastic Strain Index' thus becomes;

H4

a,a:

2

4TOE .f

2

- 2(1-

b2

~f)--2R[

-

y/, -

ds[U /aC;._1]

Consequently, it is only necessary to measure

as (or d at one value of stress, •)

in

order to evaluate %0 from the hysteresis measurements (Fig. 10).

A-MOS4
I
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9.

SOME USEFUL INTERRELATIONSHIPS

The above results can be combined to form some additional relationships that
facilitate data analysis. For LDE, the construction on Fig. 6b defines a stress,

aT,

which

is related to the misfit stress by,

(45)

1 AC./2[vE; - vE]}- U0

Also, for LDE, there is a relationship between li and the strain differentials, given by
2:,

= A+A

0+AE]

(46)

Also, 1, is related to the transition stresses Xtu and Xtr (Eqns. 24 and 27) at which slip is

arrested at the debond.

10. SIMULATIONS
The experimental measurements described in the companion papers 8,9 and in
prior work 7 , 1 0 , 1 1 , 1 4 ,27 give typical ranges for the constituent properties:
To = 20-200 MPa,

ri = 0-5 Jm"2, dT

= 0-200 MPa. it is of interest to simulate

stress/strain curves encompassing this range. Such simulations provide insight about
the sensitivity of the inelastic strain to constituent properties. For this purpose, it is
noted that i

?is and

as are also related to constituent properties. 5,7,10,21

The results of some simulations are presented on Fig. 11. For these calculations,
cr° and CT were fixed at 250 MPa and 100 MPa, respectively. The saturation stress ds
was chosen to cover a typical range (from 1.5smc to 2 di). The value of B represents a
CMC with a fiber volume fraction, f = 0.5, and a modulus ratio Ej/Em = 1 (Fig. 8). It

KJS.Eww4TA-&WI
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is apparent (Fig. 11) that both To and ri have a substantial influence on the tensile
stress/strainbehavior. As either of these parameters increase, the inelastic strains occur at
higher stresses.

11. CONCLUDING REMARKS
The present analysis provides expressions that relate various characteristics of the
inelastic strain measured on unidirectional CMCs to constituent properties. The results
allow inelastic strain measurements made at stresses below the saturation stress, i%,to
be used to evaluate the constituent properties on actual composites. Moreover, with the
constituent properties known, stress/strain curves may be simulated at stresses up to Cs.
The analysis of the hysteresis loops allows separate evaluation of four quantities that
govern the inelastic strain: E%, 9J A and ZT. The first term E%,which represents the effect
of matrix cracks on the elastic modulus, can be readily determined. The second quantity
9 which is the non-dimensional parameter governing the contribution to the inelastic
strain from interface slipping, can also be determined with good fidelity. The third term
li, represents the resistance to interface debonding, that inhibits inelastic strain by
interface debonding. When it is relatively large and has an important influence on the
inelastic strain, it can be readily determined. The last term IT is a residual stress
parameters which can be obtained quite accurately when 1i is large. The details are
elaborated in the companion paper.8 ,9
Information about the crack spacing d and how it relates to the matrix cracking
stress, dmc, as well as the saturation stress, ds, is needed to evaluate T, but is not
required to determine either 6j or CT. Most critical is the accuracy with which Omc, as
and d6 can be specified, because interpolation between these limits can be achieved in
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several ways (such as Eqn. 43), with satisfactory precision.' Then, the crack spacing
need only be measured at one value of the stress between amc and Os. In addition,
models that relate anc, as and ds to constituent properties exist, 12 , 15 -2 0 which are
consistent with experimental measurements. 10 -12 In principle, these models may be
used to predict these parameters, but the matrix fracture energy, lFm, needs to be
known. Methods for measuring rm on actual composites are not well-established.
Moreover, it is not generally acceptable to use values for the monolithic matrix, because
of differing microstructures. Nevertheless, this does not represent a difficulty when the
matrix is fixed and only the fibers or interfaces are changed, because the models then

give the exact scaling.
One practical problem arises in some CMCs when the matrix crack surfaces come
in contact upon unloading. When this behavior occurs, the unloading compliance
increases as sketched in Fig. 12. One method for addressing this problem uses partial
unloading, such that the minimum stress is above the closure stress (Appendix HI).

1Te designation ofamc and as from the actual hysteresis data, because of the approximate linearity of
E and NI,/p with stress, Up, provides an important simplification.
KIJS-Even-3S.TA-MI
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APPENDIX I

Synopsis of Sliding and Debonding Characteristics

To facilitate an understanding of the basic formulae presented in the text,
schematics of the sliding characteristics are presented, with some relevant relationships.
The emphasis is on the axial stresses in the fibers. Upon initial loading (Fig. Ala), there

is a jump in the stress at the debond tip, located at 14, related to the debond energy, by18

Y- o-I

+

=

(1-f af)

FE

(Al)

For SDE material, reverse slip changes the stresses in the manner indicated on
Fig. Alb, with fu and Ir being the slip lengths for unloading and reloading,
respectively. For LDE materials, there are additional considerations (Fig. A2). Upon
unloading, when du > 2i - 1, the situation resembles that for SDE: case (I) on Fig. A2a.
However, when du < 2 6 - 1, reverse slip stops at the debond: case 0 on Fig. A2a.
There is an analogous situation upon reloading wherein reverse slip reaches the debond
at dr = 2 (d-

di) (Fig. A2b).

KJ-Ews-36-TA-Mid O93112M1-10:10
CJI I
AM,2494

28

APPENDIX II
Hysteresis With Partial Unloading

When a minimum stressOmin > act is used for hysteresis measurements, there are
two different reloading regimes governed by the length of the reverse slip zone
compared with the debond zone.J When dmin is relatively large, such that the reverse
slip zone is small, the reload strain is fully parabolic and given by (amin > 2ai - Ep)

+•1+-22-

[4(1-

Er

+ 21,.- 2-•,+-Zr

r+

, /E + "

(BI)

where rnin =amin/Op • The hysteresis loop width can also be determined as

=e

29([1-1][1:-1244

(B2)

with a maximum value

8 EU

=

(H/2)(1-..)

2

(B3)

at

28

=-- (••)/2

unloading strains are unaffected.
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At larger minimum stresses, ac, < Emnu < 2•i - 6,, the hysteresis !oop has both linear
and parabolic portions. The inelastic strains are given by [(nin <

Er

=

2H(

and [2dp - 2i%+ d

Er

=

1

[x,2z:T+(

+

9[~

24

5 2dp - 2di + Omin]

+ U,/E'+ E

< dr < p ]

2H (1- xj) [21: - (1- 1j) + 2Tj + U,/E" + E"
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TABLE I
Constituent Properties of CMCs and Methods of Measurement

CONSTITUENT
PROPERTY

MEASUREMENT
METHODS

TYPICAL
RANGE

* Push-Out Force
9 Pull-Out Length,
(MPa)
Sliding Stress, PC

o Saturation Crack Spacing, d

1-200

9 'Inelastic Strain Index,' 9(or L
Characteristic Strength, Sc (GPa)

* Fracture Mirrors

1.2-3.0

* Pull-Out Length, h
9 Bilayer Distortion
e Permanent Strain, Co

Misfit Strain, Q

0-2.10-3

* Residual Crack Opening
e Monolithic Material
Matrix Fracture Energy, Tm (jm-2)

• Saturation Crack Spacing, d6

5-50

e Matrix Cracking Stress, dmc
Debond Energy, ri (m- 2)

* Permanent Strain,

0-5

* Residual Crack Opening
e Transition Stresses (LDE)

KJS-Ewwis-3STA-Mfi

OM I

In2.21.10:10 AM.20%94

31

TABLE II

Summary of Constants (Type II Boundary Conditions)1 8

a, = Ef/E

1+Ef/El
[E, + (I- 2v)ES a2=(1-f)Ef

(1 - v)E-[(l + v)E- + (1- v)E•]

l+v)1(-f)(+v)(-2v(E-E,+2(-V2E.
(- (1)-v f)[(l+ v)E+ (1-v)E.]

=

b3

(1 - fal) (b2 + b3)

2f

C3

=

a2 (b2 + b3)

2

E

E

1-alf

c /C2

=

E=

(I-.f)E,+fEm

a2f
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TABLE III
Relationships Between Residual Stresses and Misfit Stresst

Axial Stress in Fiber, q1 = - (a2cl /c2)aT
Axial Stress in Matrix, qm= (1/c3)GT

Stress Normal to Interface, p= - (a4cl/c 2 )CYT

: ai and ci are defined in reference (18).
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FIGURE CAPTIONS
Fig. 1. a)

b)

c)
Fig. 2. a)
b)

The tensile stress/strain curves for two unidirectional CMCs. The SiC/SiC
is made by chemical vapor infiltration (CVI). In this material, composite
failure precedes matrix crack saturation. 12 ,14 The SiC/CAS material has
been produced by hot pressing. Also shown are typical hysteresis loops
for the materials.
The tensile stress/strain curves for three 0/90 CMCs. The SiC/CAS is a
cross-ply laminate, whereas the SiC/SiC and SiC/C are woven. The
SiC/SiC material has been produced by CVI at SEP in France. It fails at a
stress about equal to the matrix crack saturation stress.14 The SiC/C
material was made by HITCO. The SiC/CAS was made by Corning.
Schematic of stress-strain curves for unidirectional and cross-ply CMCs.
Behaviors obtained upon unloading and reloading indicating the various
strain measurements that relate to constituent properties.
Behavior expected if there were no debonding/sliding at the interfaces.

Fig. 3. The basic cell model indicating interface sliding and debonding.
Fig. 4. The crack opening displacements that arise during an unload/reload cycle
with the corresponding interface sliding and debonding behaviors indicated.
The curves are simulated using the formulae from the text. A schematic is
shown in the insert.
Fig. 5. A mechanism map illustrating the regimes that lead to inelastic strain by
matrix cracking in CMCs. The dmc bound is sketched from formulae given in
Reference (31).
Fig. 6. The hysteresis loop a) for a material with a small debond energy (SDE), b) for a
material with a large debond energy (LDE). Also shown is the construction
used to define the strain differences, Aeo and Aep.
Fig. 7. The maximum hysteresis loop width, Semax, and the strain differences, Ae0
and Aep, plotted as functions of the non-dimensional debond
energyli = ii/aip- The SDE and LDE regimes are identified.
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Fig. 8. Finite element calculations of the effect of matrix cracks on the elastic stiffness
of 1-D composites 12 (Vj = Vm = 0.25). Experiments indicate that larger
changes occur in practice.12

Fig. 9. a)

Change in crack density, R/d, with applied stress, F, measured in a
SiC/CAS composite. Also shown is the linear interpolation between 0 mc
and F.
17
b) Simulated changes in crack density with stress.

Fig. 10. Hysteresis loop data obtained for a 1-D SiC/CAS and SiC/SiC composites8
illustrating one method for evaluating To.
Fig. 11. Simulated stress/strain curves for 1-D CMCs with a range of constituent
properties.
Fig. 12. A schematic of the effects of matrix crack closure on the compliance at low
loads.
Fig. Al. The axial stresses in fibers when matrix cracks exist.
a) Upon loading: note the stress jump at Ii, the end of the debond zone:
otherwise, the stress gradient is linear.
b) Upon partial unloading or partial reloading of an SDE (small debond
energy) material.
Fig. A2. The axial stress in the fibers for LDE materials
a) partial unloading indicating the slip is arrested at the debond leading to a
linear stress with an abrupt change at the end of the debond zone
b) partial reloading showing that the slip zone reaches the debond before the
original load is reached.
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ABSTRACT
The use of hysteresis loop measurements for assessing the constituent properties of
unidirectional CMCs is evaluated, using basic theory described in a companion paper.
Results are obtained on SiC/CAS and SiC/SiC composites. These materials exhibit very
different hysteresis characteristics, reflected in differences in sliding stress, '€ and
debond energy, ri. These interface properties are manifest in the respective tensile
stress/strain curves.
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1.

INTRODUCTION
Ceramic matrix composites (CMCs) have attractive thermostructural

characteristics because mechanisms exist that allow stress redistribution at strain
concentration sites. The most important of these are matrix craddngl-8 and stochastic
fiber failure. 9,10 Both of these mechanisms cause inelastic strains that fundamentally
control stress redistribution. 4 ,6,7-10 One of the challenges for the successful utilization of
CMCs is the development of a methodology for relating these inelastic strains to the
properties of the constituents (fiber, matrix, interface).11 The successful development of
such a methodology would allow the formulation of mechanism-based constitutive
laws.4,11 The basic matrix cracking and fiber failure models that underlie this
methodology have already been developed and validat-:. for some CMCs. 2-11
However, in addition to these models, the methodolo••

must include experimental

procedures for evaluating the constituent properties, summarized in Table L Moreover,
the procedures must be experimentally straightforward and their interpretation
unambiguous. A methodology based on hysteresis measurements has been proposed
for this purpose1 1 and the theory presented in a companion paper 12 (Fig. 1). The
application of the method to two unidirectional CMCs is described in this article.
Results for cross ply laminates are presented elsewhere.1 3
Alternative methods for evaluating interface properties include fiber push-in and
push-through tests, 14-17 as well as microcomposite tests.18 These methods have the
disadvantage that they are difficult to apply at high temperatures and have limited
utility for assessing the fatigue degradation of the interface. 19 The measurements also
involve single fibers, whereas average values over many fibers are relevant to
composite behavior. The hysteresis method obviates these limitations.
The two CMCs chosen for this study have been selected because previous
measurements 3,12,20 have suggested that they exhibit substantially different
KIS-Evwa-16.TA-RWF*
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stress/strain behaviors which must be related to differing interface properties.
One
material, SiC/CAS, has both a low sliding stress 'T and a small debond
energy

Ii.2,3 The

other material, SiC/SiC, produced by chemical vapor infiltration (CVI)
has both large
"T and ri.20,21 Analysis of these materials thus represents a critical
assessment of the

methodology.

2.

MATERIALS

Both the SiC/CAS and SiC/SiC materials use Nicalon fibers, having
elastic
modulus, Ef = 200 GPa. The matrix modulus is, Em= 97 GPa.3 The
matrix cracks
evolve with stress, as shown on Fig. 2. Fiber push-out experiments indicate
a sliding
resistance, T - 17 MPa 22 and a debond energy, li - 0. Beam bending
and matrix
dissolution measurements have established a fiber/matrix misfit stress,3
aT - 120 MPa
(Table I).
The SiC/SiC material has been made by chemical vapor infiltration,
with a C fiber
coating. The material has considerable porosity, distributed heterogeneously
throughout the matrix, such that the matrix modulus, Em - 300 GPa,
is considerably
less than that for dense SiC. Fiber push-in experiments indicate relatively
high values of
both T and lri, of order 50 -+ 200 MPa and I --ý 6 Jm-2 , respectively. 21
Thermal
expansion measurements indicate a misfit stress,23 aT in the range 150-250
MPa
(Table I).
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3.

TEST PROCEDURESt
Tensile tests are conducted with periodic unload/reload cycles. Emphasis is given

to peak stresses below that at which matrix cracking saturates, ap < as (Fig. 1). The
3
tension test methodology has been described elsewhere. Briefly, displacements are

measured using contact extensometers. Alignment is achieved using bonded tabs with
friction grips. The information generated for each hysteresis cycle is stored on disc and
the results analyzed in accordance with the procedures outlined below.
One practical problem concerns crack closure at small loads, Oct ,upon
unloading1 2'2 4 (Fig. Ic). This phenomenon can invalidate the relationships between the
inelastic strains and the constituent properties. it is manifest as a change in the
unloading slope, as zero load is approached. The test procedure may include a
minimum stress, arin, in the unload/reload cycle. This minimum stress is chosen to be
above the matrix crack closure stress, Oad. Preliminary tests are conducted to evaluate

oa as a function of the peak stress, ap.
Matrix crack densities are measured on both materials. For the SiC/SiC material,
the matrix cracks are highlighted by using Murakami's etch.20 The cracks can then be
imaged in the scanning electron microscope, as illustrated on Fig. 3a. The average crack
density is determined from line scans. For the SiC/CAS material, scanning electron
microscopy is used to provide a direct image of the cracks 4 (Fig. 3b). The average crack
spacing is again detemine d from line scans parallel to the loading axis.

SAll the stresses presented in this analysis are those applied on the composite: therefore for simplicity,
the bar superscript used in the companion paper' 2 is omitted.
KJS.Evw*-ITA-Rluudhp II94M0IO10,:48 AM.OI 194
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4.

RESULTS

4.1 Strains
The hysteresis measurements indicate appreciable differences between the two

materials (Fig. 4). For the SiC/CAS, the loop width and the permanent strain are much
larger than for the SiC/SiC material. The loop shapes are also different The unloading
curves for SiC/CAS appear to be approximately parabolic, characteristic of composites
with a small debond energy, designated SDE. The unloading strain for SiC/SiC has
linear plus curved segments. Such effects are expected for materials with a relatively
high debond energy, designated LDE. The present results for SiC/CAS indicate that the
inelastic strains occur at stresses larger than those found in previous studies. 3 The
difference is related to a lower residual stress in the current material, as explained
below. There are crack closure effects (Fig. 4). However, the closure stress is quite small
for both materials and much less than that found in certain other CMCs. 24
Consequently, there is minimal influence of closure on the hysteresis strains.
The influence of Op on the permanent strain, C.o is plotted on Fig. 5. Substantially
larger values are evident for SiC/CAS than for SiC/SiC.
4.2 Crack Densities

Crack density measurements made for the SiC /CAS method have been
superposed onto Fig. 2. These results differ from previous measurements.3 They show
that the matrix cracking stress, Gaw - 285 Mla and that matrix cracks saturate at

05 - 335 MPa with spacing

4

= 125 tim. A linear interpolation is used to represent the

crack spacing (d < l)11

.-

[O./o02 -1]

KJUS.EwIs-6.TA-gi•ip IIHl4O1.7 PM,,WP
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or
o/a~-(lb)

as indicated on Fig. 2, with 0o being any stress (between Onx and (1O)
and d0 the crack
spacing measured at that stress. The difference in d (0) from previous results 3 is
consistent with the larger stresses needed to cause inelastic deformation, noted above,
and will be shown to reside in a reduced misfit stress, (T (Table I1).
For the SiC/SiC composite, meauements have been made at three different
stresses above Omn, which is estimated to be - 270 MPa (Fig. 2). It is apparent that
composite failure precedesmatrix crack saturation, such that Os and dg cannot be

obtained. However, for further analysis, it is sufficient to use the values at composite
failure.

S.

THE HYSTERESIS METHODOLOGY
The companion paper gives all of the basic formulae for evaluating •, ri and 0 T

from the hysteresis measurements. 12 Here, the results found to be most robust
experimentally are emphasized. It will be noted that much of the requisite information
can be gained without having explicit information about the crack spacn& a. In fact, a
is only needed to determine, T. Even then, a single value obtained between Oac and (s
suffices.
5.1 The Unloading Strain
The differential &.u between strains measured at the peak Up and upon unloading,
at stress yu, is given for initial unloading (Fig. la) by, 12
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ACV

M CP-•u

- L(aP,-aV)

+ (oU-

(2a)

/E

where E*is the elastic modulus, and L the inelastic strain index given by2 5

L

(1 _(-af)2 (R/a)

-b2

4f 2'cE=
or

(2b)

£ . (/)•,.

with R being the fiber radius, f the fiber volume fraction, Em the matrix Young's
modulus, ai, b, are the coefficients defined by Hutchinson and Jensen 25 (H and

is

non-dimensional. Upon combining Eqn. (2b) with Eqn. (1), it is evident that there
should be an approximate linear dependence of L on ap,

L-

L2[c(),.-

-1)1

2

where

This behavior may be used to determine '. Differentiation of Eqn. (2a) to obtain the
initial unloading tangent modulus Eu gives
I/E

*

-dAeu/do.

(3)
=/E"

KJEv

+2L(OP -Co)
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This behavior obtains down to a transition stress, Otu (Fig. 6), given byU
(4)

am, = 2a,-1
where Gi is the non-dimensional debond stress, defined as25

(5)

At smaller unload stresses (Ou < aGt),

Ae,

=

12

4L(a,-oa)(F,-a.) + (o,-(.)/E"

(6)

such that the tangent modulus is constant and given by,
1/E,

=

1/E-+4L(a,-ai)

This unloading behavior expected for LDE material is schematically summarized
on Fig. 6. There is an intercept at Ou = Op, having magnitude E.' (Eqn. 3). The initial
unloading behavior associated with the reverse slip process is linear, with slope, 2 L
(Eqn. 3). Then, a transition occurs at Gtu, coincident with the reverse slip zone being
stopped at the debond. The stress Ytu gives the debond stress ai (Eqn. 4). At lower
stresses, Eu is constant and equal to Ep (Eqn. 7). This constant value has a coupled
dependence on L and ai .A For SDE material, there is no transition to a constant region
when O > 0.
t If matrix crack closure ocun, E-' decreases as Ou -. 0, illustrated by the dotted line on Fig. 6.
VSEie~iSTA-muuehp N 0WMO@W M&IMl4
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5.2 The Reloading Strain
The reload tangent moduli (Fig. 6) are governed by a transition stress, 12

at

When

0

= 2(a,-oi)

(8)

r <Gtr,

/E

== VE" +2 Lr

(9)

and when or > atr,

1/Er

V/E+4L(a,-ao)
(10)

Note that this latter, constant modulus, region has exa•ly the same magnitude as that
for unloading (Eqn. 7). The reloading strain may be analyzed in the same manner as the
unloading strain, described above.
5.3 The Elastic Modulus
The elastic modulus has an explicit linear dependence on crack density, given by

(d < •),4
(E/E'- 1)

=

R/d
(11)

J-Eu~n-1,TA-SwIinp IU•I10,,S:7 PMGI4
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where 0 is a constant for a particular composite (fixed f and E1 /Em) and !Dis
designated the matrix damage parameter. Upon combining with Eqn. (1) to eliminate d,
(at am= < (1:< 1),

(E/E' -1) - [E/E; -.][,,1o,

1,(,,,/o=,- 1)

(12,)

where E: is the modulus at matrix crack saturation. This relationship is particularly
useful for analysis of matrix damage.
5.4 The Misfit Stress
For LDE materials, the moduli Fp and E* are related to the misfit stress aT through

the formula, 12

GT

-

l(/E'-/~ IE)
-

ap(1/EP - lE.)

(13a)

where Es is the secant modulus, given by
ED

= ap/E

(13b)

Hence, with . E* and Ep already determined, the misfit stress can be calculated.
Alternatively, L may be eliminated by combining Eqn. (13a) with Eqn. (7) and dT
evaluated from the moduli and the debond stress.
The misfit stress for SDE materials may be evaluated from the permanent strain e0.

given by12

.V.-.rEWd-1TA-uhP
N,•Wo9SO

PWMOMM4
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e./L = 4,,T(0,,,,a)

1-42)
(14,

+,e*I.

+

12

4
where e' is the misfit relief strain given by ,

e

(15)

= [IE"-I/E]o"

The procedure is formalized by eliminating e". This is achieved by using Eqn. (2c) for L
and Eqn. (11) for E/E*to give

e'/L =BI(E,.€/E)O
(16)

or

A similar equation in terms of Ls and E: can be obtained by using Eqns. (2c) and (12).
Then, upon inserting Eqn. (16) into Eqn. (14), there is an explicit dependence of Co/L on

ejL-&=,

or

=

aa

aT -2a

+ aoT-4

2

(17)

Eo/I--L Op
-= 41, + 42

Hence, by plotting [ID/iL- a•, ] against arp, the slope,
4T
4=

(18)

gives the misfit stress directly. With CYT known, Eqn. (14) can be used to estimate the

debond stress, Gi.
12
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5.5 Some Useful Interrelationships
An interface sliding stress index, T, may be obtained by combining Eqns. (2c) and
(12) to give
T

-

(19)

(E/E: - 1

The index T is thus constant, provided thatr

is a material property. This constancy

yields a procedure for assessing the admissibility of the data, described below.
Other formulae may be derived which can also be used to evaluate E* and L. It is
possible to define another modulus, designated the hysteresis modulus, E, given by

=

(20)

Then, with Eqn. (7), for LDE

=/E

[c7P/E- -(up - ai)/Ep] (up -u,)

(21)

and
L =u

(22a)
Ep 2(a,-uo

iVJS-E~nw*-tl.TA.-lmVllp II94MIO-I0.46it AM-WW"
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1)

1,3

For SDE

L

(22b)

=
E* p

6.

ANALYSIS

6.1 Preliminary Considerations
The strains are first fit to a high level polynomial. The tangent moduli are then
obtained from the derivative. Some basic data obtained using a seventh order
polynomial fit are presented on Figs. 7a and 7b. Two issues evident from these plots will
be addressed before proceeding with a detailed interpretation.
(i) In the SiC/CAS, matrix stress corrosion occurs26 such that the crack spacing
often changes during a hysteresis cycle. These crack density changes proceed at the
higher stresses within the cycle. Consequently, when truncated at ar/op - 0.8 (Fig. 7b),
the data appear to exhibit well-behaved linearity.
(ii) Variability in the debond and sliding resistances among the interfaces obtains
in SiC/SiC. A qualitative comparison of the unload and reload tangent curves for
SiC/SiC (Fig. 7a) with the theoretical form (Fig. 6) provides insight about the debonding
and sliding. There are four main factors. (i) The plateau and linear zones have
consistently better definition upon reloW'ng than unloading. (ii) A definitive plateau is not
usually attained upon unloading, such that 1/Eu is always smaller than the plateau value
1 /Ep, obtained from reloading. (iii) The elastic modulus E- obtained by extrapolation of
the linear region consistently smallerfor reloading.(iv) There is clear evidence of a closure
effect in unloading, beginning at Ou/Op - 0.2. Yet, the reload data in the same stress
range appear to be well-behaved and devoid of the non-linearities expected from the
presence of closure.
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Various implications are made from these trends. The basic conclusion is that for
SiC/SiC composites, greater reliance is placed on the reload data. The absence uf an
abrupt onset of a plateau upon unloading in contrast with the definitive plateau found
upon reloading suggests that there is a distributionof debond and sliding resistances at
the interfaces. Upon unloading, this distribution causes slip to arrest at some interfaces
but not at others. This process continues as unloading proceeds, resulting in a gradual
approach to the nominal plateau. It is also speculated that there are some readjustments
of the interfaces during this process, such that Tand Ti degrade at those interfaces
having the larger values. As a result, there is greater interfacial uniformity when the
reloading begins. This readjustment leads to a definitive transition stress, atr, on
reloading, wkii

may be used to provide the best estimate of oi. The hypothesized

Tand ri distributions amoxig the fibers are also consistent with the observation that the
initial slope of the unloading modulus is always smaller than that found for reloading
(smaller L signifies larger

',

Eqn. 2c ). Moreover, these interface readjustments on

unloading lead to the non-linearities in the initial unloading data, which create
difficulties in the extrapolation used to evaluate, I /E.. Finally, it is proposed that
inelastic effects obtain during closure. Such deformations begin on unloading at
stresses, Or/Op Z 0.2, and cause some 'flattening' of the matrix crack surface contacts.
Then, surface separation upon reloading occurs at appreciably smaller stresses,
Or/Op

-

0.1. The consequence is that the initial reload data are consistent with the

behavior expected solely from interfacesliding.
Another general observation before proceeding is that the results at small peak
stresses are more susceptible to error, because the inelastic strains are relatively small.
In general, therefore, more credence is given to measurements obtained at larger Op. A
method for assessing the Op range in which the measurements are admissibleuses the
shear stress index, T (Eqn. 9). Only those results for this -adex which are independent
of up, within an acceptable range, should be considered amenable to further analysis.
KJS-Evw*-1O.TA.-Afmhp 119,4O10-.07 P•1O94
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6.2 Data Analysis
Initial emphasis is given to the reloading data for SiC/SiC. The magnitudes of E;'
are plotted on Fig. 8. From these plots, the inelastic strain index, 4 and the matrix
damage parameter, D,are obtained by using Eqn. (3), according to the method of Fig. 6.
These are plotted against ap (Figs. 9, 10). The shear stress index, T, is plotted on Fig. 11.
The matrix damagedata (Fig. 9) appear to be well-behaved and have the expected
linearity, with no evidence of matrix crack saturation. Moreover, the intercept on the
stress axis, (aw - 280 MPa is consistent with amc obtained from the matrix crack
density measurements (Fig. 2). The results for L (Fig. 10) have a less systematic
dependence on the stress. However, the plot of the shear stress index (Fig. 11) indicates
that the data are inadmissibleat stresses, cp Z 306 MPa, because the experimental
estimate of T is not invariant in this range. Further analysis focusses on the admissible
results at higher stresses. Then, reasonable linearity is apparent (Fig. 10), especially
when aCf

obtained from the matrix damage plot (Fig. 9) is used as the requiredintercept

on the stress axis. These data may be used with the matrix crack spacing measurements
to obtain the sliding stress,by using Eqn. (2b). The values obtained are in the range,
50 ± 10 MPa, w ith no systematic dependence on the specific value of S=
. (It would
thus be feasible to use a single d measurement to determine r.) The debond stress,
obtained from the measurements of aor, is plotted against ap on Fig. 12. The
insensitivity to Op constitutes a check on the consistency of the procedure, since a,
should be independent of the applied stress. The values obtained are

ai = 270 ±2 MPa. The misfit stress obtained from the measurements of Ep (Fig. 10)
upon using Eqn. (13) are plotted against up on Fig. 13. This stress should also be
independent of ap. The variations reflect measurement errors and inadmissible data at
small Up. Emphasizing the admissible results at large ap, the misfit stress is, aT = 100

KI-E5•.-1o-TA-mIVn
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±20 MPa. Based on the preceding estimations of Oi and 0T, the debond energy can be
obtained from Eqn. (5) as, ri = 4 ± 1.5 Jm-2.
The procedure is repeated for SiC/CAS, using reload data in the range,
Oir/(;P 0.8, because of stress corrosion 26 (Fig. 14). In this case, there is not a definitive
transition in I /Er to a plateau, and Oi cannot be explicitly obtained from these data.
Both 1/Er and 1/Eu exhibit reasonable linearity and a linear fit may be used to obtain E"
and L At stresses, oyp Z as, the unload and reload behaviors give equivalent values
indicating that there is relative uniformity in the sliding and debonding resistances of
the interfaces in this composite.
The damage matrix parameter, 0, is plotted against stress, (1p, on Fig. 9 and L is
plotted on Fig. 15. The shear stress index T'.is plotted on Fig. 16. Again, the matrix
damage data exhibit high fidelity (Fig. 9), being linear with up and having a stress
intercept consistent with our from crack density measurements. The inelastic strain
index (Fig. 15) is subject to error at smaller stresses. The admissible range (Fig. 16) is
Up 3 290 MPa. With this restriction, there is acceptable linearity of L with ap, especially
when connected to nw, previously evaluated from the E* data. Upon using the crack
spacing, these L give an interface sliding resistance, = 20 ± 3 MPa. Again, there is no
'

significant dependence on the value of d used; a single value would have sufficed.
The misfit stress is extracted from the permanent strain and from L by using
Eqn. (17). The requisite plot (Fig. 17) indicates that there is considerable scatter in the
data. A least square fit thus provides a low correlation coefficient. Additional
measurement would be needed to obtain OT with acceptable confidence. The alternative
approach used here is to ascertain whether the estimate of OT obtained from the crack
density measurements can be used to fit the data and also provide a reasonable value
for the debond stress. A linear fit with OT = 25 MPa is shown on Fig. 19. This fit gives

oi = 100 ± 30 MPa. Taken together, these stresses may be used with Eqn. (5) to give a

E*;-1.TaEmwI sihpII11g
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reasonable debond energy, ri = 0.5:t 0.3 Jm-2. However, a more complete assessment
of the method would require additional data.

7.

DISCUSSION
A comparison of the present measurements of constituent properties (Table H)

with values obtained by others using different methods (Table I) provides an important
check on the hysteresis approach. The most comprehensive prior analysis has been on
SiC/CAS, particularly measurements of or. The present values agree closely with those
obtained by multiple fiber push-out 22 (C = 17t 3 MPa) and is similar to the average
value obtained by single fiber push-in tests 27 ('T = 22 ± 3 MPa). The small debond
energy is also consistent with estimates made from fiber push-in tests. 27 The misfit
strain YT is considerably smaller than that found previously, 3 consistent with the larger
stresses needed for matrix cracking (Fig. 2) and the larger stresses needed to cause
inelastic deformation (Fig. 4). It is surmised that different consolidation conditions
where used to prepare the present material, resulting in a lower residual stress.
The comparisons for SiC/SiC are less conclusive because of the wide range of
constituent properties reported in the prior literature. The present values lie within the
reported range. However, further judgments might be made upon assessing the quality
of the literature data. The most complete and precise measurements of or and ri have
been obtained from fiber push-in tests.21 These tests gave values, r

-

60 MPa,

comparable to the present measurements (Table H). These same tests gave debond
energies in the range 2-6 Jm-2, again similar to the present data. The thermal expansion
coefficient for Nicalon fibers and vapor deposited SiC indicates a mismatch, 23
Aa - 0.8 x 10-6C-1. With this choice and a temperature change from CVI,23
AT - 1000°C, the misfit stress can be estimated as (T - 120 MPa, similar to the present
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estimate. Consequently, the constituent property measurements appear to be
compatible with the values expected from the literature.
It has been possible to obtain consistent determination of the constituent properties
of the SiC/SiC composite with relatively few hysteresis loop measurements obtained in
a single tensile test. Similar consistency has not been found for the SiC/CAS composite.
Although the matrix damage parameter !Dand the sliding resistance r could be
obtained with acceptable precision from a small number of hysteresis measurements,
made in a single test, there are problems with estimation of the debond stress and the
misfit stress. There are two reasons for the problems. One concerns the occurrence of
stress corrosion cracking 26 which affects the data at higher stresses. This problem could
be overcome by testing in a dry atmosphere. The other limitation seems to be associated
with SDE materials. For these materials, permanent strain and tangent modulus data
need to be combined in order to obtain dT and oi, leading to an accentuation of the
measurement errors. Additional tests are thus needed to provide determinations that
have acceptable precision.
Finally, some remarks are made about the permanent strains found in the
SiC/CAS material (Fig. 5). These strains should be constant after matrix crack saturation
when L and E*become constant (Eqn. 14). Yet, they continue to increase at strains
above Us. Such behavior would appear to be at variance with the L and E*

measurements. This discrepancy is not yet understood, but probably relates to the
incidence of fiber failure. Other work on this material4,9,22 has shown that premature
fiber failures occur and contribute to the inelastic strain, such that the composite
modulus after saturation is significantly lower than the expected value, f Ej. Such
behavior would cause the permanent strain to continue increasing at stresses above as,
in qualitative agreement with the present data (Fig. 5). However, fiber failure should
also cause E*and L to change. The magnitudes of these changes are not known. They
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may be within the measurement uncertainties indicated on Figs. 9 and 15, such that
small changes in L and E* exist at stresses above as. This area requires further work.

S.

CONCLUSION
Hysteresis measurements made upon the tensile testing of CMCs have been

demonstrated as a method for evaluating several constituent properties, such as the
stiffness loss, E-, the interface resistances to sliding T and debonding ri and the misfit
(or residual) stress,

aT.

This approach is particularly straightforward for CMCs having

relatively large ri (LDE), such as a SiC/SiC. Then, consistent information about E., T,ri
and

aYT

can be obtained from a few hysteresis loops measured in a single tensile test. For

materials with smaller ri (SDE), ,r and E. can still be obtained from a relatively few
loops measured in one test. However, Ti and 0 T estimations seemingly require
additional data, because the procedure needed to obtain these properties involves the
combination of two separate measurements. Further studies of the associated errors and
of alternate data treatments are in progress.
The methodology has been developed in a manner that minimizes the need for
independent crack density measurements. It has been found that the matrix cracking
stress arnc can be determined with good precision from measurement of the stiffness
loss, E.. This finding has allowed

'T

to be obtained using the crack spacing at a single

stress above anw and below the saturation stress, as.
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TABLE I
Range of Constituent Properties For SIC/CAS and SiC/SiC
Obtained From The Literature

Material
Property

SiC/CAS

Interface Sliding Stress, 'r (MPa)3,14,18,22,27

SiC/SiC

15-25

50-150

0-1

2-6

Misfit Stress 0 T (MPa)3 23

120

150-250

Matrix Modulus (GPa)3,20,23

97

300

Interface Debond Energy

K-IS.Euw%-1TA-Rv NWM09104•S7 PM4AM4
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TABLE II
Constituent Properties Obtained From Present Hysteresis Analysis

Material
Property
SiC/CAS

SiC/SiC

Matrix Cracking Stress Omc (MPa)

285 ±5

270±5

Saturation Stress, (s (MPa)

335 ±6

Interface Sliding Stress, • (MPa)

20±3

50±10

Debond Stress Ti (MPa)

120±30

260±20

Misfit Stress CT (MPa)

(25)

100±20

0.5 ± 0.3

4±1.5

Debond Energy, ri (Jm"2)
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FIGURE CAPTIONS
Fig. 1. Hysteresis loops and the associated parameters a) LDE materials, b) SDE
materials, c) The effect of crack closure on unloading.

Fig. 2- Effect of stress on crack evolution in SiC/SiC and SiC/CAS. The results on
SiC/CAS are from Beyerle etad.,3 as well as the present study. The difference is
related to the residual stress, 0*.
Fig. 3. SEM images of matrix cracks in: a) SiC/SiC, b) SiC/CAS.
Fig. 4. Stress/strain curves and hysteresis loops obtained for the two composites.
a) SiC/SiC, b) SiC/CAS. The numbering on the latter is used to help identify

the loops.
Fig. 5. Variations of permanent strain, co, with applied stress, ap, for SiC/SiC and

SiC/CAS.
Fig. 6. A schematic showing the forms of the inverse unloading tangent moduli in the
LDE regime: E-' against unloading stress Ou and E-' against reloading stress
Or.
Fig.

7. Typical tangent modulus plots for the two composites (a) SiC/SiC,
(b) SiC/CAS (the dashed lines represent the extrapolated behavior).

Fig. 8. Reload tangent moduli plots for SiC/SiC.
Fig. 9. Effect of applied stress on the matrix damage parameter, !D for both SiC/SiC
and SiC/CAS.
Fig. 10. The inelastic strain index for SiC/SiC. The open data are in the inadmissible
range and are not used for the data fit.
Fig. 11. The interface sliding stress index for SiC/SiC indicating the admissible range.
Fig. 12. A plot of the debond stress

0i

Fig. 13. A plot of the misfit stress

T against crp for SiC/SiC.
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Fig. 14. Tangent modulus data for SiC/CAS at six initial stress levels.

a) unloading, b) reloading.
Fig. 15. The inelastic strain index for SiC/CAS. The open points are in the inadmissible
range.
Fig. 16. The interface sliding stress index for SiC/CAS, showing the admissible range.
Fig. 17. A plot of the permanent strain parameter used for evaluating the misfit stress
for SiC/CAS.
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THE EFFECT OF FIBER-MATRIX REACTIONS
ON THE INTERFACE PROPERTIES IN A
SCS-6/Ti-24Al-I INb COMPOSITE
PAuL E. CANTONWNE and HAYDN N. G. WADL•Eyt
Department of Material Science and "Engineerinm, University of Virginia. Charlottesville.
VA 22903, U.S.A.
(Received 14 July 1993;fl/al version acepted IS AustrW 1993)
Abstract-The interfacial structure/property relationships of a representative composite system
consisting of SiC (SCS-6) fibers in a Ti3AI + Nb intermetallic alloy have been investigated. Two
samples were fabricated at 10400C with different exposure times in order to vary the amount of
fiber-matrix reaction. This resulted in samples with reaction zone thicknesses (5) of 1.1 and
1.7 jim, while ensuring roughly the same residual stress state. A pushout test was used to determine
the dcbond strength (td) and sliding resistance (r,) of both interfaces. An Increase in the interface
debond strength and sliding resistance with reaction zone thickness was observed and has been
correlated with a change in debond path. Pushout analysis of the J - 1.1pm sample (where
debonding occurred between the fiber's SCS carbon coating and the reaction product) revealed a
debond fracture energy, 17" 0-0.9 J m-1, a coefficient of friction (assuming simple Coulomb
friction), p- 0.5-0.95, and a radial residual stress, a, - 100-190 MPa. A similar analysis on the
J - 1.7 pm sample proved unsuccessful using either a simple Coulomb or Coulomb plus constant
friction law. This is believed to be due to multiple debond path branching between the SiC/
inner SCS, Inner SCS/outer SCS and outer SCS/reactlon product interfaces. The transition to this
mode of sliding is deleterious to composite properties and suggests the importance of minimizing
the integrated thermal exposure associated with the consolidation process.
INTRODUCTION

Many of the mechanical properties of high-performance composites (i.e. metal, intermetallic and ceramic matrices reinforced with continuous ceramic fibers) can be predicted
from the properties and volume fractions of their constituents and from the properties of
the interface between them (Hashin, 1983; He et at., 1993; Thouless el a1., 1988). The
interfacial properties play a particularly important role in micromechanics-based models
for predicting composite strength and toughness. For instance, when multiple matrix
cracking and fiber pullout occur, the toughness of the more brittle (e.g. intermetallic and
ceramics) matrix composites is substantially enhanced over that of the constituents alone
(i.e. of a rule-of-mixtures prediction) (Phillips, 1972; Evans and McMeeking, 1986;
Budiansky et a/., 1986). The conditions for this to happen have been shown to depend on
the debond fracture energy (F1 ) and the sliding resistance (T5) of the debonded interface
between the fiber and matrix (Budiansky et al., 1986; Beyrle et al., 1993). Recent analysis of
the fiber pushout test has led to a convenient experimental method for the estimation of
these interface parameters, provided the interfacial sliding obeys either a Coulomb friction
or Coulomb plus constant friction law (Marshall, 1992; Liang and Hutchinson, 1993).
It is anticipated that these debond and sliding properties depend upon the local
microstructure of the interface which Is affected by processing. One expects that fiber/
matrix debonding (along the weakest path at the Interface) depends upon the reaction
products formed at the interface during processing and the distribution of defects. Fiber
-sliding properties have been shown to depend on the topology (roughness) of the two
sliding surfaces (Kearns and Parthasarthy, 1991; Mackin el al., 1992), and we would
expect this to also depend upon the reaction products at the Interface. The significant
difference in the coefficient of thermal expansion between the fiber and matrix also results
in large residual stresses at the interface upon cooling from the normally high tempera.
tures used In processing (Pindera et a., 1992; Chawla, 19W7). The resulting compressive
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axial and radial stresses in the fiber also affect the interfacial debonding and sliding
behavior by acting to clamp the fiber in place.
Both the residual stresses and interface structure are controlled by fiber coatings and
the processing conditions. Engineering of the fiber coatings to control the interface
properties has been investigated (Mackin et al., 1993; Cantonwine and Wadley, to be
published). However, the effect of fiber/matrix reactions during processing upon the
interface properties have not been systematically investigated and could, in light of the
above, be significant. The work reported here begins to explore the potential importance
of fiber/matrix reactions to the parameters Fi and r,. Pushout tests have been conducted
on two samples of a representative system consisting of SCS-6 (SiC) fibers and a
Ti 3AI + Nb intermetallic alloy. Both samples were processed at 1040°C to ensure essentially equal residual stress states. Only the time of exposure at the processing temperature
was varied in order to change the interfacial structure. This, it will be shown, resulted in
significantly different interface microstructures, debond paths, and interface mechanical
properties.
EXPERIMENTAL

(a) Sample preparation
A foil/fiber/foil method was used to fabricate the composite samples. Plasmasprayed Ti-24AI- IINb (at%) foil was supplied by GE Aircraft Engines (Lynn, MA). The
plasma-spray process deposits molten matrix material onto a spinning drum where it is
rapidly solidified and cooled (Siemers and Jackson, 1991; Gigerenzer and Wright, 1991;
Groves, 1992). The resulting foil was about 250jpm thick and had one rough side and one
smooth side. To avoid fiber damage during subsequent consolidation (Groves, 1992), the
rough surface was ground to a 180 grit finish. The SiC fiber (SCS-6) was produced by
Textron Specialty Corp. using a chemical vapor deposition (CVD) process. The fiber
diameter was 140Mum. It had dual carbon-rich coatings (SCS layers) whose structure and
thickness vary from lot to lot, but typically the total thickness was between 3 and 5 gm
(Wawner, 1988). These coatings are designed to protect the load-bearing SiC from matrix
reactions (Wawner, 1988), and they help to ensure easy debonding and sliding.
Foil/fiber/foil lay-ups with a small (- 10%) fiber volume fraction were consolidated
under uniaxial constrained compression in an Astro HP20 vacuum hot-press (VHP). A
60-100 mtorr vacuum was maintained during temperature ramping at a rate of 4-5 0 C per
min to the consolidation temperature. When the consolidation temperature of 1040 0 C
was reached, a 100 MPa pressure was applied to densify the lay-up. One sample was
processed for 30 min and the second for 240 min. The samples were sectioned, polished
and lightly etched in 1007o HF, 5076 HNO 3 , 85% H 20 solution for 10-20 s at ambient
temperature. A JOEL 840 scanning electron microscope (SEM) was used to measare the
reaction zone thicknesses (Cantonwine, 1993). Sample 1, processed for 30 min, had a
1.1 pm reaction zone thickness whilst sample 2, processed for 240 min, had a 1.7 pm
reaction zone thickness.
(b) Pushout tests
The loads required to debond and slide the fiber past the matrix were measured
using a pushout test. The apparatus used is schematically illustrated in Fig. I Pnd was
similar to that developed by Warren et al. (1992) except that the fiber displacement was
not monitored. Pushout specimens were made by first cutting a thin (- 500pAm) slice from
each sample perpendicular to the fiber direction. Both sides of the slices were then
polished to a I Am finish. The final specimen thickness was 450 Am and was chosen to (a)
ensure that the relaxation of residual stresses at the free surfaces of the specimens did not
dominate the pushout behavior (Liang and Hutchinson, 1993) and (b) minimize bending
effects which can cause interfacial debonding to initiate at the specimen's bottom face
during testing (Kallas et al., 1992). The pushout specimen was then placed on a support
base and centered over a support base hole. A small-diameter hole (about 220pm) was
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Fig. 1. Pushout test schematic: t is the specimen thickness (-450/Mm), h is the diameter of the
support-base hole (- 220 pm).
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Fig. 2. Applied stress/displacement curve for a pushout test; a, is the applied stress needed to
initiate a debond crack at the top face; ad measures the stress when catastrophic failure of the
interface occurs (presumably when the crack tip is 1.5R, from the bottom face).

chosen, again to reduce bending effects. A load was applied to the embedded fiber
through a cylindrical indenter at a constant displacement rate of 0.5/un sec', and load
vs time (displacement) curves obtained.
Figure 2 schematically presents typical pushout data in the form of applied stress (in
the embedded fiber) vs fiber displacement. A model has recently been developed by Liang
and Hutchinson (1993) to describe the result of a typical pushout test like that shown in
Fig. 2. A debond crack is thought to initiate on the sample's top face at the initiation
stress, ot, in Fig. 2. The nonlinear section of the curve between this crack-initiation point
and the peak stress then represents stable debond crack growth down the interface. The
peak pushout stress, which characterizes the debond strength (Td = Rfad/2t), is predicted
to occur when the crack tip is 1.SRf above the bottom face. At this point, the remaining
interface catastrophically fails, resulting in a drop in the applied stress, Ao (or equivalently
in the interfacial shear stress Ar = Rf Aa/2t). The applied stress to cause further pushout
is denoted u,. Provided fiber displacement has not exceeded about I um following the
load drop, a, characterizes the sliding resistance (r, = Rfa,/2t) of the interface during
the debond phase. According to the experimental work of Warren et al. (1992), fiber
displacements after the load drop were about 1urm.
RESULTS

(a) Microstructure
The microstructure of an as-consolidated composite (sample 1) is shown in Fig. 3.
The matrix has an equaxed a 2 structure (4-8 pm grain diameter) with about a 10 volume
C19 43-F
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per cent j phase precipated at the a2 grain boundaries. Radial matrix cracks were consistently observed around the fibers. The cracking around the fibers in sample 2 was more
severe than for sample I (see Cantonwine, 1993, for a detailed characterization). A
depletion of the fi phase around the fiber was also observed (Fig. 3). Again, it was more
severe in sample 2. Reactions between the fiber and matrix occurred, leading to the
build-up of a reaction-product layer (or reaction zone) at the outer SCS surface (Figs 4
and 5). The two-phase reaction zone shown in Figs 4 and 5 has been reported to consist
of a mixture of (Ti, Nb)C(,-,, + (Ti, Nb, AI)sSi 3 in the inner zone and (Ti, Nb)3AIC +
(Ti, Nb, Al)SSi 3 in the outer zone (Bauman et al., 1990). The growth of both the reaction
and 6-depleted zones is diffusion controlled and the rate of reaction exhibits parabolic
kinetics (Gundel and Wawner, 1989; Gundel, 1991; Cantonwine, 1993; Bauman et at.,
1990). However, the detailed mechanisms of their evolution are presently unknown. The
reaction-zone thickness, 6, was measured as a convenient parameter to describe the extent
of the fiber/matrix reaction. For sample 1, 6 = 1. 1pjm, whilst for sample 2, 6 = 1.7?pm.
(b) Interfacial mechanicalbehavior
Typical pushout data for both specimens are shown in Fig. 6. Notice the slightly
greater load needed to cause debonding in sample 2 and the distinct difference in the
pushout behavior during the pushout phase (fiber sliding after the load drop). In sample
I, the load gradually decreases after the load drop, consistent with a decrease in the area
of fiber/matrix contact. However, in sample 2, the load initially increased, reached a
maximum and only then decreased. This type of behavior has been observed in other
systems when interface roughness (topology) controls frictional sliding behavior during
the pushout phase (Mackin et al., 1992, 1993; Warren et al., 1992).
The debond strength (Td) and the sliding resistance (r,) for the two specimens are
compared in Table 1. Sample 2 (3 = 1.7 pm) exhibited both a higher debond strength and
sliding resistance compared to sample 1 (6 = 1.1 pAm). Average values of T d and r, are
reported from three tests (sample 1) and five tests (sample 2). The standard deviations are
also given.
so
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Fig. 8. The bottom face of pushout test sample 1 (6 = 1.i Mm) after a very large fiber displacement. Note the SCS layers are bonded to the fiber and the reaction product to the matrix.

100 gm
Fig. 9. The top face of pushout test sample I (6 = 1.1 im); the inner surface of the hole left by
the fiber mirrors the pushed out fiber in Fig. 8.
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IC
Fig. 10. The bottom face of pushout test sample 2 (6
1.7 Mm) after a very large fiber displacement. Note the damage to the SCS layers in some regions of the fiber surface.

Fig. II. The top face of pushout test sample 2 (6 = 1.7m) shows the inner surface to have a
considerably different morphology to that in Fig. 9. An extensive amount of the SCS layers
adhered to the reaction product rather than to the fiber.
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Table 1. Pushout test data for SCS-6/Ti-24A- I-INb
Reaction zone

Debond strength

thickness (W)

r, (MPa)

Sliding resistance

r, (MPa)

(standard deviation)

(standard deviation)

Sample

(Aim)

1

1.1

150(12)

95(8)

2

1.7

240(20)

206 (12)

The debond surfaces of both specimens were examined using the SEM. Figure 7
shows the etched bottom face of pushout sample 1 (6 = 1.1 um). It can be seen that the
reaction product adhered to the matrix while the SCS layers adhered to the fiber. Thus,
debonding occurred at the outer SCS/reaction product interface. This is somewhat
surprising, since it is well known that the interface between the inner and outer SCS
coatings is weak in as-received fibers, and was thought by Kantzos et al. (1992) to be the
primary debond interface. A much rougher debond surface was observed in sample 2
(6 = 1.7 pm; Figs 10- 11). In this case, debonding occurred locally, probably at all three
interfaces (i.e. the outer SCS/rcaction product, inner SCS/outer SCS and SiC/inner SCS
interfaces). Kantzos et al. (1992), Roman and Jero (1991) and Eldridge - al. (1991)
have also reported debonding along a similar path. Thus, extending the proc..essing time
results in a transition in the debond interface which has been correlated with a change in
interfacial mechanical properties.
PUSHOUT ANALYSIS

The sliding resistance (r,) of a debonded interface can most simply be modeled by a
Coulomb friction law:
TS = par

(1)

where a, is the (thermal residual) radial stress acting on the interface (compression defined
here as positive), and/p is a constant coefficient of friction, assumed to be indenendent of
the sliding displacement. This model of sliding resistance ignores the effects of iarge-scale
(5-10 pm amplitude) roughness seen in some fiber systems (Mackin et aL., 1992; Jero and
Kearns, 1990). It has been rationalized as a valid description of these systems though,
because the initial fiber displacement that accompanies debonding is very small (< 1 pm)
and results in a roughness-independent friction coefficient (Liang and Hutchinson, 1993;
Mackin et aL, 1992). Equation (1) allows direct evaluation of the fundamental parameter
(p) from r, provided the radial compressive stress at the fiber/matrix interface is known.
Two expressions for the debond fracture energy (Fi) can also be deduced from the
pushout test data (rd and AT) using the model developed by Liang and Hutchinson (1993)
(again assuming a Coulomb friction law):

r (A ) =

2R

L
[

I- , :o

(3)

where
vfE
(I
B2

=

-

vf)E + (1 + v)Ef

(1 + vf)(l - 2vf)E + (I + v)Ef
(I - vf)E + (1 + v)Er
B=,u
Rf

(5)
(6)

where Rf is the fiber radius (70 pm); t is the specimen thickness (450pum); Ef, vf are the
Young's modulus (410GPa) and Poisson's ratio (0.3) of the fiber; E, v are the Young's
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Table 2. Material properties for SCS-6 and Ti-24AI-I INb

Tangent CTE

Tangent CTE

SCS-6'

Ti-24AI- I1Nb&

3.53
3.62
3.9
4.2
4.28
4.5
4.8

9.9
10.1
11.2
12.8
13.3
15.4
19.2

Temperature

(VC

10o *C-

21
200
425
600
650
815
I(e.00

Young's modulus
SCS-6

106CW

t

(GPa)

Young's modulus

Yield strength

Ti-24AI-iINb'

Ti-24A1-JINb'

110
100
75
86
70
40
15

370
400
370
290
270
160
50

(GPI)

410
410
410
410
410
410
410

(MPI)

t Textron Specialty Corp. (1992).
: Brindley, NASA Lewis Research Center, 105438 (1990) and 105802 (1992).

'Extrapolated data.

modulus (100 GPa) and Poisson's ratio (0.3) of the matrix; Oa is the axial residual stress
in the fiber; o, is the radial residual stress normal to the interface; and rd and Ar are
measured from the pushout test. For C"in eqn (2) (at the peak stress), the debond crack
length (1) is thought to equal t - 1.5Rf, whilst for C"in eqn (3), 1 is taken equal to t.
Since only positive values of ri are physically meaningful, eqns (2) and (3) are
constrained so that:
2t
W
(7)
0
(r'-I
STd - at-

B,

Rf
2t Ar
., -

t-

or(e_3PRl)

B1 e

O

(8)

Equations (2) and (3) allow one to relate either the measured debond strength (Td) or the
load drop (AT) of the pushout test to the fundamental parameter (ri), provided that the
residual stresses a, and oa are known. Ideally, the residual stresses should be directly
measured, but techniques for this are only just emerging (Kuntz et al., 1993; Hough, 1993;
Ma and Clark, 1993). Instead, continuum mechanics models are usually used to estimate
these stresses. One model developed by Pindera et al. (1992) allows for both elastic and
plastic deformations of the matrix. Using the Pindera model (and assuming cooling from
1040 to 25°C) together with the coefficient of thermal expansion (CTE), Young's
modulus and yield strength data in Table 2, we have calculated a, and oa to be 340 and
1590 MPa, respectively. Using rd = 150 MPa and Ar = 55 MPa, these values of residual
stress lead to negative values in eqns (7) and (8), which is clearly non-physical.
One reason for this could be that the residual stresses present in the pushout specimen
are lower than those predicted from Pindera's model. There are several potential reasons
for this. One is the relaxation of stresses at the two free surfaces of the samples. This has
been shown by Liang and Hutchinson (1993) and experimentally verified by Ma a' 4 Clark
(1993) to extend about a fiber radius below the free surfaces. Therefore, o ' bout
300 um of the 450/um specimen thickness would experience the full residual stress state.
Other reasons include the possibility of stress relaxation by creep and matrix radial
cracking during cooling from the processing temperature.
To obtain a better estimate of the true state of the residual stress, and thus the
debond fracture energy, a relationship between a, and a. can be defined and used to
reduce eqns (2) and (3) to two equations and two unknowns (ri, a,). As a first approximation, we assume that the ratio of the stress is the same as that predicted by the Pindera
model, i.e.
1590 o,.
at :-(9)
Substituting eqn (9) into eqns (2) and (3) yields expressions for both r'i(Td) and ri(Ar) as
a function of only O,. These are plotted in Fig. 12 for sample I using rd = 150 MPa and
Ar = 55 MPa. It can be seen that the expressions intersect when a, is between 150 and
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Fig. 12. ri(T.') and rj(Ar) plotted vs a, for sample 106 = 1.1 urn). There is good agreement when
or, is between 150 and 190 MPa (ri varies from 0 to 0.93J m-2).
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Fig. 13. Region I defines a set of points (17,a.) that give predicted values within a standard
deviation of the measured values of both rd and AT. In region 2 the predicted values are not within
a standard deviation of both rd and AT.

190 MPa. In this regime of residual stress, the debond fracture energy (U
17) varies between
0 and 0.5 J rn-2 . When variability in the measured rd and AT values is considered (Table
1), a region (1) in Ti-ar space can be defined (see Fig. 13) where combinations of 17, and
Crr can be substituted into eqns (2) and (3) to give agreement between the predicted and
measured values Of Td and Ar.
Once the effective radial residual stress is known, the coefficient of fricrion, fl, can
then be estimated using eqn (1). For example, using a, = 175 Mpa, p for sample 1 would
be about 0.54 while for sample 2 it is about 1.2. however, the simple Coulomb friction
law may not be valid for sample 2, as discussed below.
A similar analysis to the above was attempted for sample 2 in order to deduce Ti and
pu. It was found that there exists no simultaneous solution for eqns (2) and (3) (using
Td =240 MPa and AT = 34 MPa) for any realistic range of residual stress. One possible
explanation is that the simple Coulomb friction law [eqn (1)1 is no longer realistic. The
Liang and Hutchinson (1993) analysis was therefore repeated assuming a friction law that
included both Coulomb and constant friction (To) termst
TS= To +

pa'.

(10)

This results in a system of three equations 1(2), (3) and (10)) and three unknowns
(p, r, and a,). However, no combination ofup. U and a, could be found to give agreement
between the predicted and measured values of both Td and AT. The implication of this is
that both friction laws are inadequate, and a more complex law describing the behavior
of sample 2-type debond interfaces may be needed.
t Note the measured value of;r was substituted for ra = ya, in the form of eqns (2)and (3)when assuming
a Coulomb plus constant friction law. See Liang and Hutchinson (1993) for the correct form.
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Evidence for the existence of a more complex friction law can be seen in Fig. 6. If
(1) or (10) defined the friction law as the fiber is being pushed OUt (after the
load drop), one would expect a gradual decrease in the load as seen in sample 1
(6 = !. 1/Jm). However, this is not observed in sample 2 (6 = 1.7/•m), where there is an
initial increase, followed by a subsequent decrease in the load. This type of behavior has
been observed in a SCS-6/p-Ti (15-3-3) composite by Mackin e! aL (1992), where the load
rise was thought to be caused by the presence of asperities (or roughness) at the debonded
interface.
Mackin et al. (1992) have likened the effect of the asperities to an additional misfit
pressure that ad•ls to that of the residual stress. An entirely Couiombic friction law was
defined:
rs =/z(o, + p)
(il)
either eqn

where p is the additional pressure induced by asperity deformation which will vary with
fiber displacement. This model successfully predicts a load rise during the post-debond
sliding. However, because the fiber displacements are small immediately after unstable
debonding (< 1/•m), the fiber and matrix were thought to be in near-perfect registry until
significant sliding began. This means the asperity pressure (p) is small enough to ignore.
Thus, eqn (I 1) simply reduces to eqn (1), and does not explain the difficulties we observed
in applying the Liang and Hutchinson analysis to sample 2.
it appears that another process affects the sliding behavior during the debond phase
of sample 2. Examination of Figs 10 and 11 provide a clue to this. They show that the
debond interface of sample 2 varied along the debond path and was either between the
SCS/reaction product interface or within the SCS layers (probably between the inner/
outer SCS or the SiC/inner SCS interface). From this evidence one surmises that as the
debond crack tip propagates down the pushout specimen, the debond interface jumps
from one interface to another. Ledges would then be created to connect the various
debonded interfaces. Figure 14 schematically illustrates this and compares it to the case of
sample l-type debonding. It can be seen that these ledges resist even the small fiber

Sam•/e I

(5 = 1.11Jm)

Saml• 2

(8 - • .71Jm)
M•nx

SCS
Layers:

SIllnlf

,• OUSt

Del•,,€l

SInterfacl
L Reac•on
Product

t!'-

-'

(a)

(b)

Fig. 14. (a) Debonding path at the outer SCS/reaction product interface found in sample I.
(b) Debonding at the outer SCS/reaction product, inner SCS/outer SCS or the SiC/inner SCS
interface in sample 2 causes ledges between the interfaces. These ledges affect the small-fiber
displacement (< !/Jm, i.e. debond phase) behavior, while the overall interface topology (roughness] affects the large-fiber displacements (pushout phase].
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displacements of the debond phase. This restraining force can be overcome by either
elastic distortion of the stepped asperity or its debonding, and it is presumably this which
gives rise to the interfacial hardening/softening seen in the post-debond sliding of sample
2. These observations suggest that there is a need to extend the micromechanical models
for sliding to include these multiple-crack behaviors in order to develop a more detailed
description of the effect of processing on interfacial sliding.
SUMMARY

(1) It has been shown that the interface properties (debond strength and sliding
resistance) are a function of the fiber/matrix reactions in a SCS-6/Ti-24AI-IINb
composite, which in turn depend on processing.
(2) The changes in the interface mechanical properties are correlated with a change
in the debond path. Debonding occurred along the outer SCS/reaction product interface
in samples with a thin reaction product (6 = 1.1 pm). However, it alternated between the
outer SCS/reaction product, inner/outer SCS and SiC/inner SCS in samples with thicker
reaction products (6 = 1.7 #m).
(3) Analysis of the pushout data from the samples with a thin reaction zone using a
Coulomb friction law indicated that the debond fracture energy (ri) ranged from 0 to
0.9 J m-2, the radial residual stress (oa) from 100 to 190 MPa, and the coefficient of
friction (p) from 0.5 to 0.95.
(4) Analysis of samples with the thicker reaction product indicated an increased
difficulty of debonding and sliding. Both a simple Coulombic and a Coulomb plus
constant friction law were inadequate to describe the experimental behavior of sample 2.
The observation that debonding occurred along several interfaces leads us to speculate
that ledges connecting the debond interfaces complicate the frictional response during the
initial fiber displacement (< pam). This type of debond mechanism also results in
asperity-controlled sliding during the pushout phase (similar to that analyzed by Mackin
et al., 1992, 1993).

(5) Whilst further work is needed to elucidate the fundamental processes that cause
the observation transitions in fiber/matrix debond behavior, it is clear that they are the
source of deleterious changes to the sliding properties. They are induced by prolonged
high-temperature processing, which for some creep-resistant titanium alloy composites is
necessary in order to avoid fiber fracture (Groves et al., 1993). The work reported here
shows that a trade-off must be made in process temperature and time in order to avoid
fiber fracture and excessive interfacial reaction and to optimize the composite performance. This trade-off could be simplified by careful functional grading of the fiber
coating prior to processing in order to retard the reaction kinetics.
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ABSTRACT
The role of the interface in redistributing stress around cracks in multilayered
ceramic/metal composites is investigated. The emphasis is on the different effects of
interfacial debonding or of plastic slip in the metal phase adjacent to strongly bonded
interfaces. The experiments are conducted on alumina/aluminum multilayered
composites. Monotonic loading precracked test pieces causes plastic shear deformation
within the aluminum layer at the tip of the notch without debonding. However,
interfacial debonding can be induced by cyclic loading, in accordance with a classical
fatigue mechanism. Measurements of the stress around the crack demonstrate that
debonding is much more effective than slip at reducing the stress ahead of the crack.
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1.

INTRODUCTION
In layered materials with alternating ductile and b-

le constituents, various

modes of crack growth are possible. 1 "6 Under in-plane loading, cracks form in the brittle
layers. A crack in one layer may induce cracks in an adjacent layer. Whether or not this
occurs depends upon the nature of the stress concentration transmitted across the
intervening ductile material. If this stress concentration is large, a series of nearcoplanar cracks form, which can be viewed as a single, dominant crack. Conversely, a
weakened stress concentration allows distributed damage. The stress concentration may
be reduced either by debonding at the interface between the brittle and ductile layers or
plastic slip within the ductile layers. An asymptotic calculation 6 (Fig. 1) predicts that
debonding is more effective than slip at reducing the peak stress in the intact brittle
layers and hence, should suppress crack renucleation. This prediction has yet to be
verified by experiment.
The incidence of debonding, as opposed to slip adjacent to interfaces is influenced
by the loading history. Interfaces that remain bonded upon monotonic loading may
debond upon cyclic loading. 7 Moreover, the ratio of mode HI (shear) to mode I (tensile)
loading acting upon an interface crack may affect the relative tendencies for debonding
and slip.8
The three objectives of this study are as follows. (i) Contrast the debonding and
sliding characteristics of interfaces subject to monotonic and cyclic loads. (ii) Examine
the validity of models for the role of debonding and sliding on stress redistribution.
This is achieved by comparing predicted stresses with measured stresses. For this
purpose, the fluorescence spectroscopy method is used with aluminum oxide/Al
multilayers. (iii) Establish the basic mechanism of cyclic debonding (fatigue) at
metal/ceramic interfaces.
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2.

EXPERIMENTAL METHODS

2.1 Materials
Multilayered composites of Al and A12 0 3 were prepared by diffusion bonding.,4
For this purpose, thin discs of sapphire and polycrystalline A12 0 3 were mechanically
polished with diamond, to produce planar, parallel surfaces, which were then heat
treated in air at 10000C for I h to remove carbon based impurities. Thin sheets of Al (40,
100 or 250 g1m thick) were prepared from 99.99% pure foils by cold rolling. These were
interspersed between the sapphire and A12 0
outside surface and A12 0

3

3

plates, with a sapphire layer on one

layers elsewhere. The layers were then vacuum hot pressed

at temperatures of 640*C at a compressive stress of - 5 MPa for 48 h, resulting in a
diffusion bond with essentially no residual porosity.
The diffusion-bonded discs were cut into beams suitable for flexural testing
(dimensions

-

3 x 3.5 x 50 mm) by using a diamond saw. Both side surfaces were

polished to an optical finish to facilitate observations of interfacial debonding and crack
growth, as well as for stress measurements.
2.2 Mechanical Tests
The location of the dominant crack in each specimen was pre-determined by
placing a row of 50 N Knoop indentations, 500 gtm apart, into the sapphire surface
(Fig. 2). Direct observation of the specimen, using a long focal length optical
microscope, revealed that these indentations produced precracks approximately
50-100 Jim in length. The specimen was then loaded in four-point flexure with the
indented surface in tension, within a fixture that permitted in situ monitoring of the side
surfaces of the beams by using an optical microscope (Fig. 2). At a critical load, the flaws
coalesced into a crack that propagated unstably, but arrested at the metal/sapphire
interface.
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These precracked specimens were loaded either monotonically or cyclically in
four-point flexure. During each cyclic loading experiment, the range of load, AlP, and
the peak load, Pnax, were kept constant. The tests were interrupted after 1000, 5000 and
20,000-50,000 cycles to allow observation of the interface between the sapphire and the
first aluminum layer. Interfacial debond cracks (Fig. 3a, b) were characterized by
viewing through the transparent sapphire using an optical microscope. The growth
rates of interfacial cracks were also determined in this manner. Following the cyclic
experiments, the interfacial cracks were characterized further by scanning electron
microscopy, after removal of the sapphire layer by fracture of the specimen.
2.3 Stress Measurement
After cycling, some specimens were reloaded in flexure, using a fixture located on
the stage of a Raman microprobe.t This apparatus allows stress measurement by
fluorescence spectroscopy within the A12 0 3 .9 The loads were monitored using a
miniature load cell. Chromium fluorescence spectra were collected at sites within the
intact A12 0

3

layer ahead of the precrack, as indicated in Fig. 2, with the specimen in

both the loaded and unloaded states. Analysis of these spectra gave fluorescence peak
locations that provided a measure of the stress in the A12 0 3 layer: the relation between
peak shift and stress was obtained from a separate series of calibration experiments
(Section 4.1). In polycrystalline alumina, the method has - 20 MPa stress resolution and
100-200 gtm spatial resolution. 9-11
In some cases, the precrack was extended into the underlying A12 0

3

layers by

monotonic loading. Again, cyclic loading experiments were conducted and the
responses of the intervening Al layers were characterized by using both optical and
scanning electron microscopy (SEM).

t instruments SA, Model UIO00.
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3.

INTERFACE RESPONSE
Monotonic loading of precracked specimens caused plastic slip within the metal

layer at the tip of the precrack, prior to crack renucleation in the next A120 3 layer. The
characteristics of such plasticity have been measured using high-resolution strain
mapping techniques.4 Cracks formed sequentially in adjacent polycrystalline A120 3
layers, with increasing load. Each crack was nearly coplanar with the precrack. By
considering this assembly as a dominant, mode I crack and by measuring its length, a
nominal crack growth resistance, KR, was determined from the applied loads (Fig. 4).
Cyclic loading of similar precracked specimens gave a different response. When
the peak load was below that at which a crack renucleated in the next A120 3 layer, stable
debonding occurred along the sapphire/Al interface (Fig. 3). The crack growth rate,
da/dN, was found to decrease slightly with increase in crack length, Ls, for a given load
range, AP (typically by a factor of 2-4 after 20,000-50,000 cycles). After fracturing the
specimen to remove the sapphire from the region above the interface fatigue crack,
classical fatigue striations were observed by scanning electron microscopy on the Al
crack surface (Fig. 5). In the case shown in Fig. 5, the striation spacing is about equal to
the crack extension per cycle (- 1 gm/cycle). Moreover, the striations are strongly
affected by crystallography, having different orientations in different grains (Fig. 5b).
The basic crack growth mechanism thus appears to be similar to that occurring in
15
monolithic alloys. 12 "

The range of energy release rates, AG, applicable to each cyclic loading experiment
was estimated from the load range, AP, by using a previous analysis of the flexural
geometry (Fig. 2).16,17 The analysis provides solutions for steady-state cracks
(Ls/ao > 0.4) in homogeneous elastic beams with no residual stress. 17 The estimates
were obtained by neglecting the effect of residual stress and plasticity in the metal on G
124M
12

6

and by using the steady-state formulae. The present results were obtained for
0.2 < Ls/ao < 4.0, except for the lower left point in Fig. 6, where Ls/ao

-

0.04. Note that

these results refer to mixed-mode cyclic debonding 16 with a mode mixity, 4 - 500.
These values of AG, in conjunction with the crack growth rates per cycle, da/dN, allow
comparison with fatigue data for monolithic aluminum alloys obtained from the
literature (Fig. 6 and Table I).18-20 It is evident that the rates of cyclic interfacial
debonding exceed the mode I fatigue crack growth rates for monolithic alloys, at all AG
used during the present investigation. Therefore, mixed-mode fatigue crack growth can
occur along strongly bonded metal/ceramic interfaces in preference to mode I crack
growth through the alloy. Tnese interface measurements complement data obtained
previously in mode L7
Conversely, in specimens that had been loaded monotonically to grow a crack
through several, successive A12 0 3 layers, subsequent cyclic loading caused rapid fatigue
failure of the intervening, intact Al layers. This occurred by mode I cyclic growth
emanating from cracks in the adjacent alumina layers (Fig. 7). Similar results have been
21
reported for multilayered intermetallic/metal composites.

4.

STRESS MEASUREMENTS AND COMPARISON WITH THEORY

4.1 Piezospectroscopic Calibration
The relationship between the applied stress, ai, and the fluorescence peak shift,
Av, is a tensorial relation, 10

(1)

Av = Nii i

where Fij are the piezospectroscopic coefficients. It has been shown that the offdiagonal components of
KJs 12rs

11ij are

negligibly small for the fluorescence peaks of chromium

7

in aluminum oxide. 10 This expression may be further simplified for a polycrystalline
material to10

Av =

okk

(2)

where Q = 1/3 (luI

+ n122 + 1133) and Okk is the sum of the principal stresses,

Okk = 4311 + (C22+ (73 3.

The coefficient, Q, for the stress dependence of the R2 chroriuam fluorescence peak
in the alumina used in the present case was calibrated by collecting spectra from the
side surface of a polished alumina beam subjected to various levels of four-point
flexural loading. These spectra were analyzed to yield the relative peak position as a
function of applied stress (Fig. 8). From these results, Q = 2.48 ± 0.05 crn- 1 /GPa:
consistent with values previously reported for alumina (2.46-2.52 cm-I/GPa). 10
4.2 Stresses
The distributions of stress before and after monotonic and cyclic loading were
measured by optical fluorescence. In each specimen, the measurements were obtained
from the first intact A12 0

3

layer along a line 20 ILm from the interface with the metal

layer. Typical results are shown in Fig. 9. The stress distribution during monotonic
loading (at K = 7 MPa-Im ) exhibited a broad maximum ahead of the crack front. After
unloading, the stress along the same line exhibited a minimum ahead of the crack front
(Fig. 9). The measured peak stress at the maximum load is similar to that given by the
solution for a homogeneous elastic body (Appendix A), consistent with previous
measurements in other ceramic/metal multilayered composites. 4 ,11 These have shown
that slip in the metal layer does not diminish the Gyy stress in the ceramic layer ahead of
the crack tip (Fig. 1) significantly, unless the relative slip length, Lp/h, is large (> 10).6
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After cyclic loading to attain a debond length, Ls > 2 mmt the stress concentration
ahead of the crack was found to be eliminated, within the sensitivity of the fluorescence
measurements (Fig. 9). Comparison of this result with analysis is complicated by finite
geometry effects: because of the large values of the ratio: debond length/precrack
length, Ls/h

-

5, the asymptotic solution (Fig. 1) is not relevant. A finite element

solution has thus been obtained for the specific flexural geometry used in these tests.
The solution (Fig. 10) establishes that, for Ls/ao - 5, the stress concentration ahead of
the precrack is, indeed, eliminated. These measurements and calculations directly
confirm that debonding is more effective than plastic slip at reducing the stress ahead of
a crack in ceramic/metal multilayers.

5.

FATIGUE CRACK TRAJECTORIES
Two trajectories are possible for a fatigue crack arrested at the interface (Fig. 11).

The crack may propagate into the metal under essentially mode I conditions (Fig. 7).
Alternatively, it may deflect and propagate along the interface (Fig. 3). The parameters
controlling the choice between these two trajectories are the relative strain energy
release rate ranges, AG, the crack growth rates, da/dN and the mode mixity, IF. For a
surface crack, AG for mixed mode growth along the interface is less than AG for mode I
growth through the Al alloy (Appendix B). Nevertheless, in flexural loading, for which
4 - 500 8 (Section 3), growth along the interface is preferred for both the Al/sapphire
and the Al/polycrystalline alumina interfaces. This behavior arises because at given AG,
the mixed-mode interfacial crack growth rate, da/dN is larger than the mode I growth
rate through the alloy (Fig. 12), as elaborated in Appendix B.

t (AK = 5MPaým and Kna, = 7 MlN'a\KJS I2r3

9

The preference for fatigue crack growth through the metal rather than along the
interface when the metal layer is one of the intact ligaments remaining after monotonic
cracking of several ceramic layers, as in Fig. 7, now remains to be explained. The
relative values of A G for interfacial debonding and growth through the Al alloy are
essentially the same as for the surface crack (Appendix B). One significant difference,
however, is the mode mixity. For interfacial debonding at metal ligaments, the loading
is mode I1 MF = 900). It is likely that mode II cyclic debond rates are considerably
22 2 3
lower than those measured in mixed mode, because of crack face contact. , It is

plausible that the debond rate is reduced to such a level that mode I ligament failure is
preferred. If these arguments are correct, the effect of mode mixity on the cyclic
debonding of the interface has major implications for the fatigue performance of
multilayers.
The basic mechanisms that determine the different cyclic crack growth rates are
governed by the cyclic stresses and strains that occur near the crack tip. For a crack near
a bimaterial interface, the cyclic shear stresses can exceed those expected in a monolithic
alloy. 24 These large stress amplitudes should coincide with a larger cyclic growth rate
near the interface, at the equivalent loading mode. However, a comprehensive analysis
that relates these stress amplitudes to crack growth for a range of mode mixities is
needed to rationalize the behaviors found in this study.

6.

CONCLUDING REMARKS
Two competing mechanisms of fatigue cracking have been observed in A120 3 /Al

multilayers. Mixed-mode cracks extend along the metal/ceramic interfaces, normal to
the tip of a main crack, in accordance with a classical fatigue mechanism. Conversely,
intact metal ligaments rupture rapidly by mode I fatigue crack growth. The interfacial
cracking at the crack tip has the beneficial effect of reducing the stresses ahead of the
KJS I2VM
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main crack and thereby suppressing further growth of that crack. The rupture of
ligaments in the crack wake is detrimental, because it reduces the crack tip shielding
imparted by the bridging ligaments. This duality in fatigue behavior might be exploited
in order to optimize the fatigue resistance of metal/ceramic multilayers.
The mixed mode fatigue crack growth rate along the Al/A120 3 interface exceeds
the mode I rate in monolithic Al alloys. The large growth rate arises because of the
25
enhanced shear stress amplitude at the tip when the crack is at a bimaterial interface.

Further analysis of the relationship between the growth rates in the interface and the
alloy is in progress.
The experimental measurements of the relative effects of slip and debonding on
6
stress redistribution ahead of a mode I crack are consistent with calculations.

Debonding was found to be substantially more effective than slip at reducing the stress.
The development of interfaces that experience controlled debonding upon either cyclic
loading or monotonic loading thus represents an opportunity for achieving fracture and
fatigue-resistant layered materials.

KJS 122•3

11

APPENDIX A
Fluorescence Measurements And Probe Size Effects

The signal intensity at a given frequency within a fluorescence spectrum of a
stress-sensitive material is influenced by the state of stress of the material throughout
the volume sampled by the probe. If stress gradients are significant within this volume,
calculation of the fluorescence peak position requires a somewhat complicated
calculation of the entire spectrum. To obtain an estimate of probe size effects in the
present experiments, a simpler calculation, which assumes that the measured peak
position is a weighted average of the peak positions from each element within the
sampling volume, was used:
y" x"/"x

a;(x., yo) =

J

Jak(x,y)R(xo-x, y.-y)dxdy/f fR(x,y)dxdy

-y.-x"

/

(Al)

*-y-x"

where R(x-xo, y-yo) is the probe response function, akk (x, y) is the local stress field and
x* and y* represent the boundaries of the region from which the probe collects
information.
Previous studies have established that the stresses of interest for layered materials
with strongly bonded interfaces are given to a good approximation by the asymptotic
elastic field around a crack in a homogenous body.2A For mode I loading, the stress, Okk
(x, y) is, therefore, 25

as (xy) = [KF(ý(x(x2+ y2))) ]cos(tan1 (yx)/2)
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where x and y are the Cartesian coordinates measured from the crack tip. In the present
analysis, the measured stress is compared with this solution at the location directly
opposite the precrack (x = hm, y = 0), where Eqn. (A2) becomes
=

2K1

(A3)

The response function was characterized experimentally by placing the probe on a
horizontal surface of a thick beam of alumina, at a location immediately adjacent to a
vertical free surface. The intensity of the signal was measured as the probe was
translated away from the vertical surface, until the signal reached a level that did not
change appreciably with further movement of the probe.The results were consistent
with a response function of the form

R(x,y) = exp[-(x2+y2)/b2]

(A4)

where b is a measure of the size of the volume of material sampled by the probe. The
value of b ( - 200 pam) is much larger than the area illuminated on the specimen surface
(spot size - 2 pan); indirect illumination from internal scattering determined the volume
from which the fluorescence signal was collected.
With the parameters pertinent to the data of Fig. 9 (Ki = 7.0 MPa-Imi,
hm = 250 gm), the stress directly opposite the crack tip is, from Eqn. (A3),
(jkk (hm, 0) = 350 MPa. The stress given by Eqn. (Al), with the center of the probe at
(xo, yo) = (hm, 0) is significantly lower: 325 MPa. However, both values are reasonably
close to the value in Fig. 9 deduced from the measured peak shift (360 ± 20 MPa),
consistent with the findings of previous studies. 4 ,1 1
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APPENDIX B
Fatigue Crack Trajectory

The preferred path taken by a fatigue crack depends on the ratio of energy release
rate ranges, AG, compared with the ratio of crack growth rates at the relevant phase
angle, IF, for the different possible trajectories. For a surface crack, an interface debond
is mixed mode (p - 50).16 The comparison is thus made for mixed mode crack growth
along the interface and mode I growth through the alloy (Fig. 6). The energy release rate
range for mode I growth through the alloy is26

AG

1.26x~a _

-

(i

_o)/E

where a is one-half the ceramic layer thickness,

anax and anun are the maxdmum and

minimum stresses applied during load cycling and E is the modulus of the ceramic. For
mixed-mode growth along the interface, upon initial cyclic debonding 27

AG~n
- 0.3zaa
xa
~

/

(B2)

Then, upon further growth, when steady state is reached (AG = AG ),16

Aq;

-

O.5a(o

-a2)/E.

(B3)

The ratio of energy release rates for mode I growth into the alloy and for mixed mode
I/1I growth along the interface, is thus in the range 42-2.5 71. Imposing this ratio onto
the crack growth curves dictates whether interface debonding is preferred or vice versa
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(Fig. 12). The present data for A120 3 /Al (Fig. 6) indicate that interface crack growth is
preferred, at least for AG in the range, 10 -+ 10,000 Jm-2 .
For intact metal ligaments, the AG ratio is similar, with a somewhat larger value
for mode 1,26
AG1

. 2b(a2

- aL)[tan(x a/2b)]/E.

(B4)

where 2(b - a) is the ligament thickness. More importantly, the loading for an interface
debond crack is now mode H. It is expected that the mode 1I debond growth rate,
da/dN, is appreciably lower than that in mixed mode. Such reductions arise because of
frictional contacts along the debond faces, as found in monolithic alloys in fatigue, 22
and for monotonic interface debonding. 23 In this case, mode I growth through the alloy
is preferred over interface debonding.

I202W15

TABLE I
Interface Fatigue Crack Growth for Al/A12 0 3

Metal Layer Thickness

(Im)

40

100

250

KOS MWa

Energy Release Rate Range,
AG(Jm"2)

Average
Crack Growth Range,
di/dN (m/cycle)

13

2.9 x 10-8

144

1.0 x 10-8

180

1.5 x 10-6

13

1.4 x 10-9

139

2.2 x 10-8

4

2.8 x 10-9

130

3.4 x 10-8

16
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FIGURE CAPTIONS
6
Fig. 1. Effects of slip and debonding on the stress ahead of a semi-infinite crack.

Fig. 2. The specimen configuration and the locations used for stress measurement.
Fig. 3. a)

b)

Optical micrographs of two Al/A120 3 beams, the top beam subjected to a
single load cycle, the lower beam subjected to 50,000 cycles of flexural
fatigue.
Optical micrograph of an interface debond created from the precrack by
cyclic loading, as viewed through the transparent outer sapphire layer.

Fig. 4. Crack growth resistances measured for the multilayers used in the present
study.
Fig. 5. Scanning electron micrographs of fatigue striations observed in the aluminum
layer after debonding and removal of the upper sapphire layer: a) within one
grain, b) different orientations in different grains.
Fig. 6. Plot of the average crack growth rate, di/dN vs. AG for multilayers with
different metal layer thicknesses. Also shown are data for Type 7075-T6 and
1100-TO aluminum alloys, taken from References 7 and 18-20.
Fig. 7. Scanning electron micrograph of an aluminum ligament that failed in fatigue.
Fig. 8. Piezospectroscopic calibration curve for the alumina used in the present
investigation.
Fig. 9. Stress ahead of precrack with load applied (nominal K = 7 MPa4rm ) and
unloaded. Comparison with and without debonding.
Fig. 10. Effect of debonding in a flexural configuration on stresses ahead of the surface

precrack.
Fig. 11. Schematic illustrating possible fatigue crack trajectories: a) Mode I extension of
cracks from cracked ceramic layers into the intervening metal layer and
b), c) Extension of mode II cracks along the interface.
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Fig. 12. Schematic of the effect of mode mixity on the relative crack growth rates for
different crack trajectories. Also shown is the ratio of AG 's. For this case,
interface debonding is preferred over mode I growth into the alloy.
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Dislocations, Steps and Disconnections at Interfaces

by
J.P. Hirth
Mechanical and Materials Engineering Department
Washington State University, Pullman, WA 99164-2920

Abstract

Line defects at interfaces, excluding disclinations, are classified as dislocations,
steps and cisconnections.

A Burgers circuit procedure is described to determine the

vector describing the geometry of each of these defects. Applications to several cases of
phase transformations are discussed.

1. Preface
It is a great pleasure to participate in these proceedings honoring R.W. Balluffi. I
have had the pleasure of collaborating with him and have found his seminal work on
interface structures to be an inspiration throughout my career.

2. Introduction

Formally, the Burgers vector b of a dislocation can be defined in terms of the
Burgers circuit, introduced by Frank(') or by general symmetry theory as described by
Pond(2) . Ledges on free surface are topologically connected with dislocations: indeed
superposing a perfect surface onto an equivalent one containing a right-angled ledge
creates a pure edge dislocation. Steps with ledge-like character can also exist at internal
interfaces (we use ledge for free surfaces and steps for internal interfaces to distinguish

between the two cases).

Some attention has been given to the dual step/dislocation

character of line defects at interfaces( 3-). However, no formal definition of a step vector
equivalent to the Burgers vector has been presented.

Here we present a circuit procedure that defines a ledge or step vector L. Several
examples of defects with pure step character, pure dislocation character and mixed
character are presented. Because the latter defect has partial dislocation and partial step
character, it is neither a pure dislocation nor a pure step.

We propose the name

disconnection for this defect. This usage would be consistent with the discussion by
Kr6ner( 6 ) of the crystallographic theory of connectivity at interfaces.

3. Surface Ledees
Consider the ledge in Fig. la on a simple cubic crystal.

There may be local

relaxations of a dipole nature near the ledge'7 ) but in general there is no ambiguity about
the atom positions near the ledge, unlike the dislocation case, where nonlinear strains near
the core are so large that a "bad" region near the core is excluded from Burgers circcit
operations(). Hence, we can start and end a circuit at a ledge and we prescribe that this
be the case. Analogous to the dislocation case, a sense vector k is assigned to the ledge.
A right-hand circuit relative to k is then completed, starting at S ending at F as in Fig. Ia.
The same circuit is constructed in a perfect reference lattice, Fig. l b, thereby suppressing
elastic and thermal vibrational strains. The closure vector FS is the ledge vector I and the
convention FS/RH is the same as that for a dislocation.
In the example of Fig. Ib, the ledge vector is normal to the terrace surface, and I

=h, the ledge height. This need not be the case. Fig. Ic shows a circuit in a monoclinic
crystal where I has components tI and 12 with t1 =h and 12 = m. In general I =(t1, !2. .3)
with t3 =s. If one pasted a crystal with coincident symmetry and a planar surface onto Fig
Ic, the dislocation of Fig. Id would be created, with Burgers vector components b=(b,.

b2, bl) and bl=h, b2 =m, b3 =s. The designation h is related to ledge height, m to the
misfit component of dislocations at interfaces and s to the screw component of
dislocations at interfaces. Fig. Ie shows a ledge converting to a dislocation: continuity of
circuit vector is maintained at the dislocation-ledge junction and the circuit vector content
is conserved. In low symmetry crystal where there are several possible ledge descriptions,
Fig. If, that with the shortest ledge vector is selected.

4. Interfacial Defects
a. Misfit Dislocation
Both circuit procedures and the symmetry/dichromatic complex methods(2 ) for
identifying Burgers vectors are discussed by Pond and Hirth( 5 ). An example is given in
Fig. 2 for a (5/6) [100] misfitting (010) s- ace for a tetragonal crystal.

Figure 2a

represents the incommensurate interface. f - ,re 2b represents the crystals strained to the
coherent or commensurate state. A circuit drawn in Fig. 2b and then repeated in the
unstrained reference state of Fig. 2c gives the total Burgers vector content [100] (referred
to ct) of the coherent interface, this content can be thought of as being partitioned on
coherency dislocations Y/5[100] distributed on the interface as shown in Fig. 2b. For this
case, the dislocations Y5[100] are the minimum size dislocations of the dichromatic
complex(2 ), i.e. the superposition of the a and 03 lattices. The coherency strain can be
removed by superposing a misfit dislocation with Burgers vector equal and opposite to
that of the coherency dislocations, Fig. 2d. Alternatively one could imagine straining Fig.
2d to the equal lattice parameter state of a Fig. 2e and performing a conventional Burgers
circuit to determine its Burgers vector [I 00 a]a
The configuration of Fig. 2d is conventionally viewed as a positive dislocation with
its extra half-plane residing in a, although it could equally well be regarded as a negative

dislocation with its missing half plane in 0. We adopt the former view for convenience in
defining a procedure for the circuits in the following cases.
b. Disconnections
In the procedure for steps, misorientation dislocations and disconnections, we wish
to suppress effects associated with coherency

and misfit strains.

Therefore in the

subsequent treatment, we use the coherently strained reference states of Fig. 2b and e.
Any necessary misfit dislocations can be determined separately from the defects now
considered. To form a disconnection we imagine two crystals with opposing ledges as in
Fig. 3a. Conventionally, we choose a as the crystal with the largest ledge height since we
wish to associate the step height of the disconnection with the height of the [3 ledge. The
ledge vectors la and lp are determined by the procedure described previously.

The

crystals are rigidly brought into contact, Fig. 3b, leaving a gap to the right of the step.
The gap is closed, Fig. 3c, creating a disconnection with both step character, the contact
region in Fig. 3b, and dislocation character, arising from the gap closure. With, these
prescriptions, the Burgers vector b and step vector i of the disconnection are, respectively
b= 0 + 1p

For the example of Fig. 3a, the step vector is normal to the surface and the step height is h
=

I1pl. If one defines a vector n normal to the a surface in Fig. 3a, one can make a

connection with the signs of steps as discussed by Pond and Hirth(5). In their convention
a step is positive if the step translates the terrace in the direction of n when traversing the
step in the 4xn direction. This convention is seen to hold for the example of Fig. 3a.
The formation of a less simple step is illustrated in Figs. 3 d-f. In this case, the
ledge vector ý is inclined to the terrace normal of 03 so the ledge height is the projected
length. Also the step height is now h=t-n In closing the gap of Fig. 3e both displacements

parallel and perpendicular to the interface are needed as indicated by the dashed lines in
the figure. As a consequence, the disconnection has both components b1 =h and b,=m.
The latter component serves to either increase or decrease any necessary misfit
accomodation. In general a component b3 could be present. Since it is not simple to
depict in two dimensions but is easy to envision in three dimensions, we do not explicitly
show this case.

c. Pure Steps

Figure 4 shows the formation of a pure step. In this case .=

-tB in Fig. 4a so

that the resulting defect, Fig. 4b, has no dislocation character. The defect in this case is a
pure step, one limiting form of the disconnection.

d. Misorientation Dislocations
Figure 5 depicts the formation of a pure misorientation dislocation. In this case

-0 in Fig. 5a. The resulting defect, Fig. 5b, has pure dislocation character, the other
limiting form of the disconnection. Interface dislocations of this type are misorientation
dislocations in the sense that their presence produces a rotation of 0 with respect to oa. By
symmetry, evidently the misorientation dislocations can have their extra half-phases in a,
Fig. 5b, or in 0, Fig. 5c.

5. Discussion
The description of the step and dislocation character of interfacial defects has
several interesting applications. Defects at interfaces must have translational character t
with t being a vector of the dichromatic complex(l) if the presence of the defect is not to
also entail a stacking fault being present. In the interface context this means that t must
equal (b+Q. Such disconnections are important in phase transformations and prescribe

conditions that must be fulfilled when they act as so called translational dislocations and/or
structural ledges.(-10)
Another case of interest is that of oxidation where misfit dislocations,
misorientation dislocations, and disconnections all have different behavior as point defect
sources and sinks.01-13) The dislocation character of all three defects is important in the
mechanism of introducing interface control into scaling kinematics by means of pinning of
interfacial defects.04)
The above description is valid for the homogeneous, isotropic, linear elastic case.
More generally, the true definitions of b and I in the perfect reference lattices as defined
here remain valid. However, the local definitions can differ. For example, the reference
lattice for the true b for Fig. 2e is the perfect unstrained a lattice. The local b in Fig. 2d
can be thought of as belonging to neither lattice. In a simple treatment, the local b can be
taken as the geometrical mean of [lOO]a and [lOO]p unless the lattice parameter of a and
0 differ drastically, in which case a more detailed treatment is needed.(") Of course, these
small variations of b imply also variations in I since t

-

b + I is fixed by the ideal reference

dichromatic complex. Also, the strain fields in a and f3 are modified in the inhomogeneous
case by the presence of image dislocations. These effects can be viewed as second-order
in nature, important only in the limit of large differences in elastic constants or misfit.

6. Summary
A circuit procedure is described to define step and dislocation vector components
of interfacial defects called disconnections. Examples of a variety of cases illustrate the
utility of the method.

The description should have applications in descriptions of

interfaces in local equilibrium, in shear and diffusional phase transformations, and in
particular in the modeling of scaling reactions.
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FIgre Captios
Fig. 1 The sense vector 4 points out of the page for (a) - (d): (a), ldge on simple cubic crystal and circuit.
(b) circuit of (a) in perfect reference crystal; (c) ledge on monochinic crystal; circuit of (c) in
perfec referenc crystal; (e) ledge changing into dislocation.
Fig. 2 • points out of the page: (a), incommensurate interface in tetragonal crystal; (b), reference lattice
strained to lattice parameter of a; (c) circuit of (b) in relax reference; (d) lattice of (b) relaxed
in presence of misfit dislocation; lattice of (d) with both phases strained to normal lattice
parameter of a.
Fig. 3 g points out of the page: (a), crystals of ax and 0 with ledges; (b). crystals in (a) rigidly brought into
contact; (c) relaxed version of(b); (d), crystals of a and [ with ledges.; (e) crystals in (c) rigidly
brought into contact; (f), relaxed version of(e).
page: (a) crystals of a and Awith ledges; (b) c
Fig. 4 • points out of the
step.
forming pure

t

brought into contact

Fig. 5 • points out of the page: (a) crystal of a, with ledge, and P3; (b) crystals brought into contact
forming misorientation dislocation; (c) another version of misorientation dislocation.
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ON TUE DIRECTIONALITY OF INTERFACIAL CRACKING IN BICRYSTALS
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ABSTRACT: Experimental evidence on the direction and loading phase
angle depei..;ance of interfacial cracking in bicrystals of Cu and Fe-Si
alloys, and in metal/sapphire bimaterial systems, is presented. The
response of a stressed interfacial crack depends not only on the
structure of the interface,

but also on the direction of the crack

propagation and the local loading conditions. This directionality of
interfacial cracking and the loading phase angle effect seem explainable
in terms of the competition between dislocation emission from the crack
tip and decohesion of the interface,

and relate to the asymmetrical

angular orientation of slip planes relative to the interface.

It

has not been well acknowledged so far, that the interfacial

cracking behavior for a given interface between solids may depend on the
direction of the crack propagation. I. e., a crack may propagate in a
ductile manner in one direction, while in the opposite direction it may
cleave leading to brittle decohesion. Thus, the response of a stressed
interfacial crack tip is not only structurally dependent, it is also
directionally dependent.
The directionality of interfacial cracking in bicrystals was first
quantified by the modified Rice-Thomson model[l] and supported by Wang
and Anderson's experimental results

1 19 [110]/(221)

1

copper bicrystals

[2].

With the intent of extending the R-T model to the behavior of

interfacial cracks in dissimilar materials,

Rice, Suo and Wang le]

predicted that this directionality occurs also in bimaterials. A
remarkable result of that prediction is that the ductile direction under
mode I loading in the copper bicrystal mentioned above is
direction in a bend test in

the brittle

the copper/sapphire bimaterials system when

the copper (221) plane is bonded to sapphire. This prediction was
recently verified experimentally[L] and the change of the directional
behavior may be attributed to the effect of the loading phase angle[l].
Due to the importance of the directional dependence in
understanding failure in advanced materials,
practically, a detailed discussion is
experimental evidence is

first

both theoretically and

in demand.

In this paper,

presented. Then, we discuss the energe-

tics of dislocation emission from the tip of an interfacial crack,

so

that a possible interpretation of this phenomenon may be reached. The
discussion is

initially based on the modified R-T model of Anderson and
Ricel]) and Rice, Suo and Wang[r]. It is valuable due to its simplicity
and ability of qualitative prediction.
and more realistic,

approach [.,

A brief introduction to a recent,

ii, which evaluates the energetics of

the nucleation of an incipient dislocation from a crack tip using the
Peierls concept, follows. In the third part of the paper experimental
results will be discussed based on the models.
EXPERIMENTAL
The

EVIDENCE

Directional

Dependence

of

Interfacial

Cracking

in

Copper

Bicrystals
In a study of the fracture behavior of Cu bicrystals[2]
contaminated with sulphur the 79 [110]/(221) symmetric tilt
bicrystal
showed the directional dependence of crack propagation. The bicrystal
was first

uniformly strainhardened by fatigue in

a way that would not

form persistent slip bands[2., JI. Then it was divided into two specimens
and a notch was made by spark erosion along the boundary with the tip
parallel to the [110] and co-planar with the (111)

or (111)

slip planes.

The notches were cut so that in one specimen the crack would potentially
propagate in
direction,

the [114] direction, while in the other,
[114].

in the opposite

The two notched specimens were further tested by

tension-compression fatigue with R--1.

2

At the resolved shear stress of 28 MPa,

unstable crack propagation

along the interface of the specimen with the cracking direction of [114)
occurred at 6x10 3 cycles. An intergranular brittle fracture surface with
cleavage tongues was obtained (Fig.la) and sulphur-bearing particles
were observed on the fracture surfaces. In contract, the specimen with
the potential cracking direction of (114]

underwent stable fatigue

cracking for 6.5 x 104 cycles without fracture. It was then broken at a
monotonic tensile loading corresponding to a resolved shear stress of
76.7 MPa.

The fracture surfaces showed a well developed striation

structure (Fig.lb). No sulphide particles were found on the fracture
surface, indicating a transgranular fracture. Since the only difference
between these two specimens is the directions of crack propagation, the
different behavior can only be interpreted as the directional dependence
of the ductile versus brittle response of the interface.
Cracking

Direction

Effects

in

Copper/Sapphire

Interfaces

In the spirit of testing the idea that the competition between
dislocation emission and cleavage decohesion controls the ductile versus
brittle behavior of a metal/ceramic interface and that the crack
response is directionally dependent, Wang and Beltz(A] studied the
fracture behavior of a copper/sapphire interface.
Rectangular pieces of Cu single crystals were cut via EDM with the
basal surfaces parallel to (221) or (001)

crystallographic planes and

the side surfaces parallel to (110) planes.
was bonded to the (1120)

The (221) or (001)

surface

plane of a contmercially-obtained sapphire slide

by diffusion bonding. TEM examination showed that there was no intermediate interaction layer in the interface and good atomic bonding was
achieved(J]. A pre-notch was made at the midpoint of the sapphire layer
and then the specimen was subjected to a bend load to initiate an
interfacial crack. The pre-cracked specimen was loaded under four-point
bending until a nonlinear load versus deflection relation was noted and
then was unloaded and reloaded several times to let the crack grow.
In all but one of the Cu(221)/sapphire specimens tested the
interfacial crack propagated only in the ( 1 1 4 ]Cu direction causing
interfacial debonding, while plastic deformation occurred in the
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opposite direction,

[114]Cu,

crack propagated in the [

114

as shown in

Fig.2.

In one specimen the

]Cu direction a small amount,

but in

the

(114]Cu direction an unstable cracking occurred causing half the
sapphire layer to detach entirely from the copper crystal. On the
( 1 1 0 )Cu side surface,

dense slip traces appeared near the tip area in

4

the [11 ]Cu direction, exhibiting the emission of dislocations from the
tip during bending, while in the opposite direction the slip traces were
much less. The results showed a strong directional dependence of
interfacial cracking in the Cu(221)/sapphire interface.
was brittle in

the (114) direction and ductile in

opposite to that in the 19 [110]/(221)

the [114]

There,

the interfacial crack grew in

debonding and deformation.
surfaces,

direction,

bicrystals.

This directional dependence did not appear in
specimens.

The interface

the Cu(001)/sapphire

the both directions by

Slip traces were observed on the (110)Cu

indicating dislocation processes during debonding.

Corrosion
2.7wt.%Si

Fatigue and
Bicrystals

Stress

Corrosion

Cracking

in

Fe-

Fe-Si bicrystals are known to be susceptible to intergranular
corrosion fatigue [i]
and stress corrosion cracking (SCC) in (NH4 ) 2CO3
and (Na 2 CO 3 +NaHC0 3 ) solutions [11]. The processes of corrosion fatigue
and SCC can be described by a simple slip step dissolution model, in
which crack growth is assumed to proceed by alternate dislocation
emission and film rupture and dissolution. A directional dependence of
crack growth might thus be anticipated when there is an asymmetry of
dislocation activity at opposite crack tips.
In a study of the influence of localized slip on the nucleation
and growth of intergranular stress corrosion cracking (IGSCC), Vehoff
and his colleagues found a directional effect upon IGSCC in [010]
symmetric tilt
bicrystals of an Fe-2.7wt.%Si alloy [113. Their results
are replotted in terms of a brittleness parameter, an - Ctg(cz/2), where
E is

the crack tip opening angle, versus the tilt
angle of the bicrystal
in Fig.3. A higher value of an represented more susceptible to IGSCC.
The authors believed that the cracking directional dependence was due to
the asymmetry of the shear stresses on the active slip planes near the
crack tip in

opposite directions.
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The directional dependence of corrosion fatigue and SCC was
studied by Wang in detail with 15[1001/(021) bicrystals of an Fe-2.7wt.%
Si alloy [121. Single edge cracked tension specimens (SECT) in dimen-

sions of 5x6x30 mmn were cut by EDM to allow the interface to be perpendicular to the specimen axis. Notches were made along the boundaries in
opposite directions, [012) and [012), respectively. For convenience, the
[01-2] direction was designated the positive direction and [012], the
negative. Fatigue and SCC tests were carried out in a standard threeelectrode cell in a solution of 2M (NH4)2CO3 at 343 K under potentiostatic control. The specimens, except the notched area, were coated with
lacquer to prevent general corrosion of the surfaces.
Corrosion fatigue
The fatigue tests were conducted under a constant load control
model with the initial AKI-6.5 MPa~m, the mean level 7 MPa~m and the
load frequency 1 Hz. The working potential was -587 mV relative to the
SCE cell, and the current density was measured to be about 100 mA/m2.
The specimen with a positive crack failed at 6X103 cycles. Figure
4a shows the fracture surface with striations in the [412] direction and
secondary cracks along (100) cleavage planes. The final failure of the
specimen occurred by cleavage along (010) planes at the tensile half of
the last cycle. A large amount of persistent slip bands (PSB's), in
spacing of about 100 pm along the [012] direction, were observed on the
(100) surface. They were identified to originate from the (121)[i11)
slip system. PSB's along the (011] direction were also found on the side
surface, suggesting (211) or (011) systems were also activa ed during
fatigue.
Only a small amount of crack propagation was detected after 3x104
cycles for the specimen with negative crack (Fig.4b). The specimen
finally cleaved along the (010) cleavage plane under a monotonic loading
of cy-228.5 MPa and KIC-37 MPa~m. A small amount [012] slip traces was
found on the (100) side surface of the specimen accompanying with
cleavage. No slip traces originating from (211) or (011) slip systems
were detected. The result showed that dislocations were not active at
the crack tip.
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•tre~s

corrosion cracking and corrosion fatigue

Another pair of specimens was tested under repeated sustained and
cyclic loading to evaluate the SCC behavior of the bicrystal. A tension
load of 5700 N (initially KI-18 MPalm) sustained for 1.8x10 3 seconds and
then fatigue of 300 cycles in load control model followed. This
procedure was repeated until failure. The working potential was kept at
-700 mV relative to the SCE cell. The initial current density was about
50 mA/m

2

.

The specimen with a positive crack, (012], failed after two
successions of sustained plus cyclic loadings. The crack growth rate was
higher under cyclic loading than at sustained loading. At the second
course of fatigue when the maximum K, reached about 44 MPaIm and the
growth rate reached 12.5 pm/cycle unstable crack growth occurred
resulting in a ductile failure.

Figure 5a shows striations developed

during second course of fatigue. Microscopically, the cracking direction
is deviated about 600 away from the macroscopic cracking direction,
[012] and the striations followed the (412-]

direction.

In contrast,
along (010)
on the

the specimen with a negative crack failed by cleavage
during sustained-loading (Fig.5b). No slip traces were found

.100)

side surface. The results show again that dislocation
emission from the negative crack tip is difficult.
THE

ENERGETICS

ALONG

AN

OF

DISLOCATION-LOOP

EMISSION

FROM

A

CRACK

TIP

INTERFACE

The directionality of interfacial cracking may be understood in
terms of the competition between dislocation emission from the crack tip
and decohesion of the interface, as proposed by Armstrong [13] and
Kelly, Tyson and Cotrell [14] in

1960's and later modelled by Rice and
Thomson (15] and recently advanced by Rice et.aL.[,,,].
In the
model, the energy release rate for dislocation emission from the crack
tip, Gdisl, and the energy release rate for cleavage, Gcleav, were
compared.

If

Gdisl < Gcleav dislocations were assumed to emit from the
crack tip, blunting the tip, before interfacial decohesion. The
interface was predicted to be intrinsically ductile. If, on the other
hand, Gdisl

> Gcleav,

decohesion was assumed to occur before dislocation
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emission and the interface was intrinsically brittle. While Gcieav is
relatively insensitive to the misorientation of the crystal involved[3],
being mainly determined by the resolved shear stress on the slip
plane, may change dramatically with the changing of the inclination
angle of the slip plane with respect to the interface. Due to the
geometrical asymmetry of the slip plane configurations at the crack tip
Gdi.l,

in opposite directions, the energy release rate for dislocation emission
from the crack tip in opposite directions may differ significantly.
part of this section we will develop a model for the
In the first
emission of a dislocation loop from the interfacial crack tip in
bimaterials based on the Rice-Thomson approach. Then,

we will give a

brief description of a newer approach which treats the processes of
incipient dislocation nucleation from a crack tip based on the PeierlsNabarro concept.

The

Rice-Thomson

Appzoach

The Rice-Thomson type approach developed by Anderson and Rice for
bicrystals

(1] and by Rice,

Suo and Wang for bimaterials

[.] takes into

account the balance of the work done by the applied stress and the
energy of a dislocation emanating from the crack tip. This procedure
evokes a dislocation core cutoff,

a poorly defined parameter in the

continuum elastic dislocation theory and, in essence,

it

deals only with

emission of dislocations from the crack tip, not dislocation nucleation.
We combine the model in [.] with that in [1] so that the treatment of
loop emission criterion for symmetric bicrystals can be applied for
bimaterials and asymmetric bicrystals.
Let us consider an interface in

a bimaterial system, where the

crack front lies along the intersection of the slip plane and the
interface,

a semicircular dislocation loop is

assumed to emit into

material 1 from the crack tip and material 2 is

assumed to be elastic.

The total energy of the dislocation loop as a function of the loop
radius, r,

consists of three terms:

EtotaI
where Eself is

(r)

ý Eself + Eledge - Wstress

the self energy of the loop,

(i)
Eledge

is

the energy of the

ledge created by crack-tip blunting due to dislocation emission,
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and

the Peach-Koehler type work done by the local crack-tip stress
field to expand the loop. Evaluations of the three terms follow.
Wstross is

The near-tip stress field for an interfacial crack between
dissimilar isotropic materials has the singular form [3]
.. l-[Re(KriS)T4(0)+Im(Kr1')Z1(q)]

4

(a,

-

x,

CM

f2 xr

y)
,Y(2

(2)

forms for 2-D conditions are presented. Here the angular

For simplicity,

functions Xa(0) of superscripts I and II

(given by La]) correspond to

tractions across the interface at 8 - 0 of tensile and in-plane shear,
respectively, so that the complex stress intensity factor, K, is defined
by
(3)

O-0-jit!

(CFY+ioyx)

In this expression 9 is the angle made by the active slip plane and the
interface. By definition, the parameter e, the so-called oscillatory
index,

is

given by
-1-ln [ ( 3 -4 V1I) AI1+1
2x

where U is

S-

2

(3-4V2) /92+l/tpl

(4)

the shear modulus and v the Poisson zatio, and subscripts

refer to the two materials.
For most material pairs the parameter C is
0.01-0.04 so that Kr/f is

small,

only a slow function of r.

in the range

Therefore,

in the

case of the dislocation emission from the crack tip, for all r of order
b, the Burgers vector of the dislocation loop in consideration,
Krie Z Kbit. Based on this approximation,
angle,

an atomic scale loading phase

W', might be defined by

Kbic -

IKleiW'

Here, the local phase angle •V' is
angle,

we have

V

-

1

tan- [Im(KLiC)/Re(KLi')]

(5)

related to the applied loading phase
by W'-W-Eln(L/b),

where L is

characteristic length scale connected with the dimension of the
specimen. We thus have

8

a

Re(Krit) !

IKIcosW'

and Im(Krit) E IKlsinV'

(6)

The resolved shear stress acting on the slip plane,
crack front and making an angle 0 with the interface,
of the Burgers vector is
-

-

containing the

in the direction

given by

bcos#(IKIcos¥t'7(0) +IKIsinW I

(0)]

IKlbr- 1 / 2 (SIcos3V'+SIIsinV')

(7)

where the Schmid factors are

SI - c°s*(i),
lr2-

and S', - Cos#
f27i 11 (0)

(8)

with the angle # between the Burgers vector and the normal to the crack
front.
The Peach-Koehler force,

Tb, is

integrated over the entire area of

the semicircular loop of the dislocationIl]

to obtain the work done by

the applied stress
Wstress

a 3.51K1br 3 / 2 (SIcost'#+SIIsin,#')

(9)

The image force component opposing outward motion of a dislocation
line, and drawing it back to the crack tip, has been solved by Rice [16]
for the general case of joined anisotropic solids. It depends only upon
the elastic properties of the material in which the dislocation resides,
(material 1 in our case,)

and is

f imAge*.A.Ob

where Aap is

(10)

the pre-logarithmic energy factor matrix of a straight

dislocation line in that material[12].
Anderson [i],

Following the procedure of

the self energy of the dislocation loop emitted from the

crack tip is

9

E.i

xrAkoln-mL

(11)

e2 ro

Here r. is the dislocation core cutoff, the most poorly defined
parameter in the model, and m is a geometric factor given by [18]
2
m a exp[l.23cos 2 #lnm
2 +0.86sin *ln(2cos(0/2))]

(12)

where
m2-

2cos-.exp (-,1,sinin~ft).

2

2

2

2

AO is the pre-logarithmic energy factor baAabp for a straight
dislocation with the same Burgers vector as the loop, averaged over all
possible orientation angles # of the line within the loop plane. For the
isotropic case
Ao-gibb2

2-vl

(13)

8ex(1-vO)

The ledge energy created by crack-tip blunting due to dislocation
emission is given by [18] as
Eledge

-

where 7ledge is

YledgebcOS3SinO

(14)

the free energy of the ledge, which is usually a

fraction of the surface free energy(2].
Claiming that spontaneous dislocation emission occurs when both
the first and the second derivatives of the total energy of the loop,
with respect to the loop radius equal to zeroWl], the critical stress
intensity factor for dislocation emitting from the crack-tip is thus
derived as

,

Ao

Eledg°

IKI (S cosW'+SIsinwV')-0.76-J- -exp
b I ro

XAa

(15)

The Irwin-type energy release rate for the dislocation emission is given
by
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G

IKI2
E'coshNE

(16)

where
_+)
E

and EE2

2 Ei

-E1-V

1V

define the plane strain Young's modulus.

The

Approach

of

the PeLerle-Nabazro

Typo

The methods for determining Gdil as discussed in

the previous

discussion treats a dislocation as an elastic singularity that exists
ahead of the crack tip prior to loading. An unfortunate consequence of
this usage is that a core cutoff parameter is present in the analysis.
Argon [19] and, more recently Schock [2&] have recognized that a full
dislocation is likely to emerge unstably from an incomplete, incipient
dislocation at the tip, and an exact treatment has been given recently
by Rice [1J. That treatment, discussed in further detail by Beltz and
Rice [21, 22], solves the elasticity problem of a traction free crack
with a Peierls-type stress versus displacement relation being satisfied
as a boundary condition along a slip plane ahead of a crack tip. Once
this problem is solved for a suitable constitutive relation for material
sliding and perhaps opening along a slip plane, there is no need for the
core cutoff parameter.

This method allows for the existence of an
extended dislocation core during nucleation, and eliminates uncertainty
in choosing the core parameters. Numerical work by Beltz and Rice [22.]
agrees with the directional and phase angle effects given by the RiceThomson model

[.] for the case of a metal/ceramic interface.

The P-N type approach requires a knowledge of the Peierls shear
stress r (Oqre, on 9-0 in the case now discussed) versus relative
atomic displacement, Ar, relation. The simplest form of this is a
sinusoidal relation. The T/?max vs. Ar/b curve gives the shear stress
needed to locally shear atoms with respect to one another on a given
slip plane, and is

the fundamental input to the Peierls-Nabarro dislocation model 123,2A]. The initial slope of such a curve corresponds with
an appropriate shear modulus. The parameter b, the magnitude of a
Burgers vector, represents the periodicity of the stress-displacement
relation. This type of data has been calculated through the use of pair

11

potentials,

the embedded atom method,

several researchers

(Z[-21).

or density functional theory by

The integral of such a curve from

4

r=

0

to

the unstable equilibrium position at which the shear stress next

vanishes

(at Ar=b/2 in

simple cases) is

known as the unstable stacking

energy, denoted y, 11]. An estimate of this solid state parameter for
copper, based on Frenkel theory (which models the T versus 4 r curve as
a sine wave), gives a value of about 0.22 JIm2 [iL.
A J-integral calculation may be used to derive the following
result for a mode II shear crack with a coplanar slip plane (see [29]
for details):
Gdisl
-

(17

-

2g
With the exception of the nonlinear behavior along the slip plane, the
material in this simple case is taken as an isotropic, linear elastic
solid with shear modulus p and Poisson's ratio V. As discussed below,
Gdisl may be calculated for more realistic situations involving inclined
slip planes and mixed mode loadings, and also for bimaterial crack tip
fields and taking into account the anisotropic effects; however, the
above result illustrates a feature that pervades these complicated
cases: the energy release rate for dislocation nucleation scales with
the recently identified solid state parameter Y$.
Further complexities arise when we include in the model the
effects of normal tractions and dilatant opening across the slip plane.
This situation occurs if a mode I-type loading is added to the mode II
situation just discussed, or in more realistic cases when the slip plane
is

inclined with respect to the crack plane. There are no reasons to
assume that a given T versus 4 r curve retains its shape if tension is
superposed; hence the effect of superposed tension on the "effective"
Yu, must be investigated. Argon [111 and Cheung et al.[3=] have already
noted the importance of softening in shear due to large tensile stresses
across a slip plane. The effect of tension normal to the slip plane was
treated recently by Rice et al. ,(,2j,22] by assuming a tensile stress
versus normal component of separation relation consistent with the wellknown fit,

with energy proportional to -(L+#8)exp(-,8/L),

to the

universal bonding correlation of Ferrante, et. al. 131]. The parameter L
is the characteristic length associated with the decohesion process (the
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tensile stress reaches a maximum,

at Az.-

0

, when Ae-L).

The effects of

the tension/shear coupling are represented by the dilation parameter p
defined by p-AelL, where A; is the relative atomic displacement in the
opening direction when the shear displacement reaches the unstable value
A.-b/2. Embedded atom method fit

to material properties have been

employed to estimate L/b, q (-'1's/2y)
ANALYSES

OF

THE

EXPERIMENTAL

and p(26,28.f

RESULTS

The energy release rates for dislocation emission for opposite
cracking directions in the specimens tested are calculated with the two
models.

Dislocation Nucleation
Copper Ricrystals

and Emission

from the

Crack

Tip

in

The critical mode I Gdisl for dislocation nucleation in Cu
bicrystals as a function of the slip plane inclination angle G is
calculated with the Eqn's 15 and 16 of the R-t type model. In the
calculations,

the core cutoff is

assumed to equal the Burgers vector,
the ledge energy per unit area created by dislocation emission is taken
to be one tenth of the surface free energy of Cu [(] and an isotropic
elasticity is presumed.
For [110] symmetric tilt
along the tilt

axis,

bicrystals,

where the crack front lies

the likely dislocations to be activated are the

partial dislocations with b=a<112>/6 and 0=600 and then 0=00 or the
perfect dislocation with 0=300. As discussed in 12) the critical energy
release rate for dislocation emission is determined by the minimum value
of Gdisl required to nucleate the partials with 0=600. The results are
shown in Fig.6. In the figure results from the P-N type model (which
neglects tension-shear coupling and takes y, -0.22 J/m 2 for Cu) are
also displayed,

which predicts the same Gdisl vs.

0 relation.

The directionality observed in 19 [li0]/(221) copper bicrystals
might be understood by comparing predictions for opposite cracking
directions.

For cracking in

the (114] direction,

the most likely

dislocations to be activated are partials on the (111) slip plane with
0-54.7%, 0=60° and GdiSl=3 . 8 J/m 2 . If the crack growth direction is
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reversed,

in the (114] direction,

the same, but in this case,

the most active slip systems remain

8-125.j* and the predicted value of Gdis1 is

2

8.3 J/m , more than twice that of the [114] direction.
preferred in the (114] direction.

emission is
Dislocation
Tip

in

Dislocation

Nucleation

Copper/Sapphire

and

Emission

from

the

Interfacial

Crack

Simaterials

For the Cu/sapphire bizraterials system under the pure bend conditions the atomic scale phase angle is - 7 9 [.1]. Assuming the sapphire is
purely elastic and dislocations can only be activated in Cu, the
critIcal energy release rate for dislocation emission from the [1 1 0 ]cu
crack-tip vs. 8 is presented in Fig.7. Several observations follow:
i. As the same as in bicrystals, Gdisl is a strong function of 0
with a minimum, but due to the mostly mode II loading conditions for the
bimaterials the minimum value occurs at a largez 0 angle
ii.

(0wjn,=1

30

').

The minimum value of GdIsl for the bimaterials is much lower

than that for bicrystals,

indicating a toughening effect of the
interfacial crack by a rigid solid.
iii.

The active slip systems have changed from the (111)

plane with b-a[211]/6 or aI-21)/6 and 0-60
with b-a[121]/6 or a(211]/6 and 0-60.
125.30 for cracking in
the (114] direction,

slip

to the (111) slip plane

In this case the 0 angle is

the [114) direction and 164.20 for cracking in

respectively.

In contrast with bicrystals,

for cracking in the [114] direction is

Gdisl

two times lower than that for

cracking in

the [114] direction and this may partially explain the
directional dependence observed in the Cu/sapphire system.
The difference between Gdisl in two opposite directions predicted
by the R-T type model is not significant numerically, however. A check
from the P-N type calculations is needed. Results based on those in [2z]
for a simplified set of slip plane constitutive relations for copper are
now summarized. For the partials with 0-60* Gdisl-l.08 J/m 2 when
cracking in the [ 1 1 4 ]cu direction and Gdisl- 2 . 9 1 J/m
the [

114

2

when cracking in

]cu direction

included.)

There is

(here, effects of tension-shear coupling are not
a difference of more than a factor of two in Gdisl

for crack growth in the opposing directions as shown in Fig.7; hence,
is

concluded that dislocation nucleation is

direction,

preferred in the [114]cu

and blunting should be favored in this growth direction.
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it

The tension-shear coupling reduces the energy release rate for
dislocation nucleation as shown in Fig.8, where the applied energy
release rate G/ly, is plotted as a function of the atomic shear displacement 3•P/b for the 0-00 partials for the two angles of interest. Here
zuu-urT. denotes the displacement discontinuity on a mathematical cut
coincident with the slip plane. The critical value for dislocation
nucleation occurs at the maximum in the G/Y.-8r'P/b curve.

For cracking

11 4

in the [
]cu direction, i.e., 0=125.30, unstable nucleation of the
partial dislocation occurs at G/yus-l.839 for p-0 and G/lyu1.715 for
p-0.1.

When cracking in

the [1

14

]cu direction,

i.e.,

0-164.20,

instabi-

lity occurs at G/Ys-12.55 for p-0 and G/Ys-11.69 for p0.1.
The switch of the active slip systems or the reverse of the
cracking directionality in the Cu/sapphire specimens is attributable
entirely to the phase angle effect. Here, the atomic scale phase angle
W' is

-79* against 00 for mode I loading in a symmetric tilt
bicrystal.
The phase angle effect is shown in Fig.9, which gives Gdisl vs. W' for
the various slip plane inclination angles.
angles associated with the (

1 14

The solid lines correspond to

]cu direction,

and the dashed lines

correspond to angles associated with the [ 1 1 4 ]Cu direction. Comparison of
the curves at W"=0 and W1- 7 90 shows that the favored direction for
dislocation emission reverses when the phase angle is
It

is

altered.

not surprising that the specimens with the (001)c,/sapphire

interface did not show directional dependence,

since configurations of

slip systems at the crack-tips in opposite directions are symmetric.
Dislocation

Nucleation

and

Emission

from

the

Crack-Tip

in

Iron

Bicrystals
For [100] symmetric tilt

Fe bicrystals the likely dislocations to

be activated from the crack-tip lying along (100J might be those with
b=a<111>/2 and 0=35.260 on {110)

planes. The critical mode I GdiSl vs.

9 curve predicted by the R-T type model is
the core cutoff r 0 =2/3 b,

isotropic elasticity is

presented in

Fig.10.

the ledge energy Yledge=Ays[ 2.]

and an

presumed.

Here,

Results from the P-N type model,

2

where

Y,ý0.55 J/m for Fe is assumed, are also shown in the figure. The
trends predicted by both models are the same, though the P-N type model
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predicts a lower value for dislocation emission.
For the E5(100]/(021) bicrystals with the macroscopic crack front
lying along [100],

When the crack propagates in the negative

(011) (111] and (011)(111]
direction,
6

Gdsl=- .

3

(012],

(011)[111],

the coplanar slip systems are (011)(111J,

with 0-71.570 and

the active slip plane would be (011)

2

Jim , as predicted by the model.

In the positive direction,

[012], the active slip plane (if it could ever be activated) would still
be (011), but in this case 0-108.43* and Gdis1- 9 . 6 J/m 2 , about twice
that in
vations,

the [012] direction.

In contrast to the experimental obser-

the model predicts that dislocations are easier to emit from

the crack-tip when cracking in the [012] direction than that in the
opposite direction, and slip traces or PSB's corresponding to the (011)
slip planes could be observed for both cracking directions.
The puzzle of dislocations being more active at the crack-tip in
the positive direction might be resolvable if

we contemplate the

microscopic direction of the crack propagation and the elastic incompatibility

accompanied with it.
Microscopically,

the crack front,

as observed in

our tests, was

[412) (Fig.4a) or (412] (Fig.5a) and the cracking direction was (512]
[512] for the positive direction. Correspondingly, the coplanar slip
systems were (121) (111] or (121) (111],

and the angle between the

Burger's vector and the normal to the crack front is
have had a (412] or [412] tilt

io-22.21*,

as if

we

bicrystal. Assuming isotropic elasticity

and a zero atomic scale phase angle, the GdiSl vs.
[412] tilt
bicrystals is
with the solid curve, it

or

6 relation for the

plotted in Fig.10 as a dashed curve. Compared
shows that dislocations are more active in

1112) type slip systems than in

(1101 type slip systems. This may

partially explain the microscopic deviation of the cracking direction
observed in the specimens.

It

cannot,

however,

are easier to emit in the positive direction.

explain why dislocations
In this case,

when the

(121) (111) or (121) [111] slip system is activated, 9-123.210 and
Gdisl-13 . 2 J/m 2 for the positive direction, but 0-56.790 and Gdisl-6.0
J/m

2

for the negative direction.

easier in
still

Dislocations are predicted to nucleate

the negative direction than that in the positive direction,

in contradiction to the experimental results.
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The directional dependence observed in the Z5(100/[021] Fe bicrystals might be understandable if one recalls the effect of the atomicscale phase angle and the fact that the directionality in Cu/sapphire
bimaterials is reversed with respect to that in Cu bicrystals. Differing
from [100] synmetric tilt

bicrystals,

the elastic incompatibility

between the adjoining crystals in the imaginary [412] tilt
bicrystals
will inevitably produce a mode II component, and this mixed mode loading
condition will shift the Gdisl vs. 8 relation. A similar reverse, as
observed in Cu/sapphire bimaterials, may thus occur in the Z51100]/(021)
bicrystals,

when the crack propagates in the <512> direction microscopically. A detailed analysis will appear in work in progress (121.
CONCLUSION
1. A directional dependence of crack growth in bicrystals of fcc
and bcc metals, and in bimaterials, as well as effects of the atomic
scale phase angle were experimentally observed.
2. The cracking directionality and phase angle effects may be
understood in terms of the competition between cleavage decohesion of
the interface and dislocation emission from the crack tip.
3. The experimental observations are significant both
theoretically in verifying the idea that the competition processes
aforementioned may control the ductile versus brittle transition in
solids and interfaces, and practically in understanding interfacial
failure in complex solid systems.
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Captions

Fig.1 The fracture surfaces of the _9 [110]/(221)

Cu bicrystals.

a),

Cracking in the [114] direction and b), cracking in the (114] direction.
The arrow indicates the cracking direction.
Fig.2. Side view of a Cu/sapphire specimen after 4-point bending test
showing decohesion in the [1 1 4 ]Cu direction and blunting in the [lT 4 1 Cu
direction. The attached photo shows slip traces in Cu near the crack-tip
region of the [1 1 4 ]cu direction.
The IGSCC propensity vs. the tilt

Fig.3.
tilt

angle for symmetrical

(by courtesy

bicrystals for cracking in the opposite directions.

of Vehoff et.al.

[010]-

[Ii1.)

Fig.4. The fracture surfaces of the Z5[100]/(021) bicrystals after
corrosion fatigue.

a),

striations are shown,

Cracking in the positive direction,
and b),

in the negative direction,

fatigue

cleavage.

Fig.5. The fracture surfaces of the Z5(100]/(021) bicrystals after SCC
plus corrosion fatigue. Cracking in the positive, a),

and negative,

b),

directions.
Fig.6. The critical mode I Gdlsl vs.Oin Cu bicrystals.
directions in the Y9 [110]/(221)
Fig.7.

The critical Gdisl vs.

The opposite

bicrystals tested are indicated.

Ofor Cu/sapphire interfaces loaded in

pure bend. The opposite directions tested are indicated.
Fig.8.

The applied energy release rate vs.

the amount of slip at the

crack tip for the two angles of interest. Effects of tension-shear
coupling are shown.
Fig.9.

Gdisl vs.

VI for Cu/sapphire bimaterials.

The numbers attached

are the incl> stion angles 6 of the potentially active slip planes.
Fig.10.

The mode I Gdisl vs. 0 in Fe bicrystals.

151100]/(021)

Gdisl for the

bicrystals cracking in the opposite directions are marked.

20

Fig.1 The fracture surfaces of the 19 [1103/(221) Cu bicrystals. a),
Cracking in the [114] direction and b), cracking in the [114] direction.
The arrow indicates the cracking direction.
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Chapter 12
Models for Metal/Ceramic
Interface Fracture

ZHIGANG SUO
C. FONG SHIH

Metal-matrix composites are excellent candidate materials for advanced engineering systems. However, they
have one major shortcoming that has limited their widespread use-their tendency to fracture easily. In many
systems, the low ductility or brittleness of these composires is caused by microfailure processes that invariably begin at the interfaces. Thus, the mechanical be-

havior and the overall performance of metal-matrix

and Cannon et al. (1992). Several aspects of fatigue are
also discussed in a recent article (Woeltn et al. 1992).
The mechanics of interface fracture has its root in
the earlier works of Griffith (1921) and Irwin (1960)
on the general theory of fracture, of Williams (1959) on
the elastic stress distribution around an interface crack.
of England (1965), Erdogan (1965), and Rice and Sih

(1965) on explicit solutions for interface cracks, and of

composites are not limited by bulk properties or bulk many practicing engineers on ingenious methods to
phases, but by interface properties and toughness. The- measure adhesive strength of bonds. However, the subones on interface fracture are reviewed in this chapter. ject did not take off until the 1980s. Advanced composWith few exceptions, attention is limited to continuum ites for high temperature engines, and layered materials
mechanics considerations. Readers are referred to Rice for microelectronic and optical devices, have been the
et al. (1989, 1990, 1992) and references therein for main technical driving force for new theoretic developaromistic and thermodynamic aspects of this subject. ments. Rapid advancement in high-resolution microThis article is concerned with recent advances within scopes, high-speed computers, and the general theory of
the confines of small-scale inelasticity and loading con- fracture have all provided tools for solving these chalditions, such that a major portion of the crack faces lenging technical problems.
remain open. We review works regarding relatively
The classical fracture mechanics, as advanced by
brittle interfaces where the inelastic zone is small com- Irwin (1960), Rice (1968), and Hutchinson (1979), and
pared to the overall component. Large-scale bridging is as summarized in the textbook by Kanninen and Poreviewed by Bao and Suo (1992). Large scale contact pelar (1985), is largely phenomenological. It enables us
has been treated by Hutchinson and Jensen (1990) to predict, without a detailed description of the crack
within the context of fiber pullout against frictional tip processes, crack growth in a structure by utilizing the
sliding. The focus of this article is on theories. For a observed crack growth behavior in a fracture specimen.
broader coverage of topics, the reader is referred to This approach relies on the existence of stress intensity
published proceedings of symposia on interfacial frac- factor and on fracture resistance measured by mechanture. These include those edited by Suresh and Needle- ical testing. The advantage and the deficiency of this
man (1989), Ridhie et al. (1990), and Ashby et al. black-box approach both originate from the same fact:
(1992). Experimental aspects of interface fracture and this approach requires little, nor does it generate much,
fatigue are reviewed by ;ans et al. (1990), Kim (1991), knowledge of the physical process of fracture.
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Mechanism-based fracture mechanics attempts to
link the fracture resistance to the microstructural variables, providing guidelines for processing better and
newer materials This approach is as old, if not as fully
developed, as the phenomenological approach. Indeed,
in his original paper, Griffith prescribed a phenomenological fracture criterion as well as a physical mechanism
of fracture resistance: rearranging atoms in a bulk into
surfaces requires energy. Itssipatio th at
acopn
that any form of heat disame
fracture,
such as plastic
flow
in metals,
contributesanto
fracture resistance.
But just
how
atomic separation
irreversible atomic movements are interconnected reirreversibleantomc
q tonvemento . Pareinterctheories,
mains an open question even today. Partial theories,
each valid for a particular mechanism at a paticular
lengthtest-piece
works by Cottrell (1963) and Rice and Johnson (1970)
on hole growth, by Ritchie et al. (1973) on cleavage of
alloys, and by Aveston et al. (1971) on fiber reinforced
as acomes
components. An example of the success of the
mechanism-based approach is the thorough understanding of advanced ceramics toughened by ductile
strong fibers that
particles, or transforming
particles, orbyprouctof
he
190).As
(vanacievd
hasbee
has been achieved
(Evans
1990). As a by-product of the
mechanism-based approach, short cracks, small components, and nagging questions in the framework of classical fracture mechanics can be addressed with a unified,
conceptually simple viewpoint (Stump and Budiansky
1989; Bao and Suo 1992). The dual approach, phenomenological and mechanism-based, is kept in mind
throughout this review article.
The chapter is organized as follows. Section 12.1
reviews the energy consideration for a traction-free
interface crack under small-scale inelasticity conditions,
leading to the concepts of debond driving force, '9, and
debond resistance, r. Supplemented by elasticity solutions of 19 for given components and loagWig conditions
and experimentally measured r for given materials, this
energy consideration is sufficient for most engineering
applications. Section 12.2 reviews Williams' solution
for an interface crack between two elastic half spaces&
The near-tip stress field lends itself to a precise definition of mode mixity; the ner-tip opening sets the
condition for small-scale contact. Calibration of fracture
specimen is also discussed. Crack-tip plasticity is reviewed in Section 12.3. The relevant mode mixity is the
ratio of shear over tension on the interface immediately
outside of the plastic zone. The plastic zone size is
shown to depend on the mode mixity, as is the opening
of the blunted crack tip. An analysis of a metal foil
sandwiched between two ceramic plates is included,
demonstrating the effect of constrained plastic flow on
the fracture resistance. Section 12.4 reviews results on
growing cracks and the concepts leading to a funda-

mental understanding of fracture resistancc. Included
are crack growth in elastic-plastic materials, crack bridging with or without background plasticity, and cleavage
in the presence of plastic flow.

The following energy arguments are essentially the
as those of Griffith (1921) and Irwin (1960).
Cracks often run when a rest-piece is still predominantly elastic, inelastic deformation being localized in
thin layers beneath the crack surfaces. Taking advantage
of this fact, one can partition the total energy supplied
by the applied work into (1) elastic energy stored in the
and (2) the heat dissipated by plastic flow and
residual energy stored in the thin
p layerd From (1)pcomes
reiulnrgstednthtinays.Fo
(1cms
a definition of debond driving force, 1S, and from (2)
debond resistance, r. Obviously, this partition
becomes meaningless when the inelastic deformation
spreads over a large part of the test-piece, either because
the test-piece is small, or because the material is very
tie Tese
have been
bee v
dsewhere
(stump
elsewhere (Stump
These have
ductile.
and Budiansky
1989; Bao reviewed
and Suo 1992).

12.1.1 Debond Driving Force
Consider an interface crack extending over an area A
(Figure 12.1). Material near the crack front undergoes
inelastic deformation; the interface is usually ill defined,
containing misfit dislocations, an interdiffusion zone, or
reaction compounds. However, these zones are typically
small compared to the overall dimension of the testpiece, so that the crack front can be treated as a mathematical line, and the interface a mathematical plane. In
computing the elastic energy stored in the test-piece, the
two solids are taken to be (possibly nonlinearly) elastic.
That is, each solid can be described by a strain energy
density function w(Ell, e62, ...), such that stresses o,, are
derived from
dw

-

oqde#

(12.1)

Coupled with equilibrium and compatibility equations,
these considerations define an elasticity problem. In
particular, stress and strain are computed everywhere in
the test-piece, down to the crack front and the interface;
likewise the energy density w is computed everywhere.
The elastic energy stored in the test-piece is an integral
extended over the entire test-piece, such that
U

-

,4 wdV

(12.2)
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associated with dA. In early days, this graphical interpretation was employed to experunentally determine 'I

F, D

(Rivlin and Thomas 1953).
Standard thermodynamics manipulations apply to
the present discussions. For load-controlled tests, for
example, it is more convenient to work with the poten-

tial energy
SoidI

U - FD

(12.6)

Interface

which is indicated in Figure 12.2(a). The independent
variables are now F and A.Upon loading, Equation 12.4
becomes

dH = -DdO - %M
Figure 12.1. A partially debonded interface is subjected to
applied load.

The test-piece in Figure 12.1 is loaded by displacement D,
with work-conjugating force F.The elastic energy U depends on applied displacement and the crack size, thus,
U - U(DA)

dU - FdD - IdA

Therefore, an alternative definition of % is
I
fl(F .A)
'4
£

(12.4)

(12.8)

The definitions (12.5) and (12.8) are of course equivalent.
For an interface along the x, -axis, and with displacement and traction continuous across the interface,
Rice's I-integral (1968)

(12.3)

Note that U also depends on the geometry of the
test-piece and the elastic moduli, but they remain constant during testing.
Upon loading, U varies as

(12.7)

I -J(un!

-

nijt7o1j,1) ds

(12.9)

vanishes over contours not enclosing any singularity.
For a uaction-hfree crack on the interface, %4
equals the
]-integral over any path that begins at a point on the
F
Fioed A

With crack size held fixed (d., - 0), the above equation
simply states that the energy increment equals the work
applied. Because all the other quantities are defined,
Equation 12.4 defines the quantity I9when dA * 0. Just
as F is the driving force for D, A is the driving force for
crack size A. Explicitly, 41 is the decrease of elastic
energy associated with a unit increment of crack area:
-- U(D,A)
i
£4

I

F

A

The above concepts can be explained graphically.

Figure 12.2(a) shows a load-displacement curve of the
test-piece measured with fixed crack size (dA - 0). The
curve should be straight for linear elastic materials.
From Equation 12.4, U is the area under the loaddisplacement curve. Figure 12.2(b shows two such
load-displacement curves, measured in two independent tests with slightly different crack sizes, A and A +
dA. The test-piece with the larger crack is more compliant; the shaded area is the energy decrease, dU,

D

a

(12.5)

Note that I has dimension energy/area.

_IT

dUJ-

OA

A*8A

b

D

Figure 12.2. Graphic interpretation of (a)U and -rr and (b) 14.
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lower crack face, and ends at another point on the
upper crack face. This provides a tool for calculating '4t
in finite element analysis (Moran and Shih 1987).
Film
In general, 41 can be computed with an elasticity
analygis of
emven
a
test-piece. Several illu
uations
requiring only elementary mechanics are given. Solutions to a
wide range of geometries can be found in Hutchinson
and Suo (1992) and the references therein.
Consider a fiber being pulled out of a matrix (Figure
SubsirotO
12. 3). The energy stored in the fiber can be estimated
by regarding the fiber as a tensile bar, clamped at the
debond front. The pullout displacement is D - LaIE, Figure 12.4. Thin-film decoheuion emanating from a circular
so that U - (a2/2E)(wrR 2L). The potential energy is
hole.
U'I(cr,L)

-

-

•.y.R2L.

(12.10)

Because the debond area isA - 2wrRL, carrying out the
differentiation in Equation 12.8 gives
-

(12.11)

Rol/4E

The estimate, which ignores the compliance of the
fiber-matrix junction, is accurate when the debond
length is large compared to the fiber diameter. Observe
that I does not depend on the debond length L. Once
debond starts, it will run to the other end of the fiber
without any increase in load.
Thin-film cracking of many patterns has inspired a
new problem area (Evans et al. 1588; Hutchinson and
Suo 1992). Figure 12.4 illustrates a circular interface
crack emanating from the edge of a hole in a thin film,
driven by a residual tensile stress in the film. The stress
4,'1 onded film is partially relieved, leading to a
in the A
reductior in the elastic strain energy. The debonded film
may be treated as a ring in plane stress, clamped at the
debond front. The energy release rate is found r-, be
2,' E.21
(S = .-[i+ jf- (t) ]2
(12.12)
where to is the mismatch strain between the film and
the substrate caused by thermal or epitaxial mismatch,

a0 is the hole radius, a is the debond
radius, and E and
film
(Farris and Bauer
Yare the elastic constants of the
as a increases.
rapidly
%
decreases
that
1988). Observe
so that the debond is stable. Also note that Wscales
linearly with film thickness h: the thinner the film, the
smaller the decohesion area. Debond can be practically
suppressed if the film is sufficiently thin.
12.1.2 Deboad Resitce
The esential idea of Griffith and Irwin is illustrated in
Figure 12.5. Inelastic processes, such as atomic separation, twinning, phase transformation, and dislocation
motion, require sufficiently high stress to activate, so
they are confined to a region dose to the crack tip
where the stress is intensified. As the crack front extends, thin layers beneath the crack surface are left in
the wake in which the atoms have undergone irreversible movements. The processes near the tip are complex
and the quantification requires detailed knowledge of
deformation mechanisms. Nonetheless, an effectively
uniform deformation smate along the xi -axis is anained in
the wake. Consider two cylinders of unit cross-sectional
area normal to the interface, one far ahead of the crack
front (A), and the ocher far behind (B). Let r be the energy.
spent to transform cylinder A to cylinder B.Obviously r
depends on the deformation history that cylinder B
underwent, including surface energy heat dissipaeon,
and elastic energy trapped in the wake.
The total energy variation, elastic as well as inelastic,
FdD - SdA + 1d4

2the
Figure 12.3. A fiber is being pulled out from a matrix.

(12.13)

When D is held fixed, no work is externally applied to
test-piece and the total energy remains unchanged,
so that
r1'

(12.14)
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The driving force I depends on the test-piece and
can be evaluated by an elastic stress analysis. Fracture resistance r depends on the inelastic mechanisms.
Equation 12.14 provides a connection between
the macroscopic loading condition of a test-piece and
the microscopic inelastic process associated with
debonding.
Debond resistance can be measured phenomenologically. For example, this can be carried out using
the fiber pullout experiment shown in Figure 12.3.
The stress required to drive debond is measured,
which can be translated to r usin t,•Adon
12.11
1
and noting Equation 12.14. This itnrozti is purely
phenomenological--no detailed kno,- ýdge of physical processes is required, nor is such knowledge
generated. Nevertheless, the key quantity, debond
resistance F, is measured and this can be used in
device design. Debond resistance has been measured
for a range of bimaterials for applications to thin films
and fiber/matrix composites (Evans et al. 1990; Cannon et al. 1992).
In principle, test pieces of any geometry can be used
to measure debond resistance. Several convenient geometries are sketched in Figure 12.6. It has been observed experimentally that debond resistance depends
on the geometry of the test-piece. Specifically, debond
resistance depends on the ratio of the sliding to normal
loading parameterized by *:
F - F(r)

(12.15)

Mode mixity 4 will be elaborated upon later. The trend
of the curve is shown in Figure 12.6. The double
cantilever beam is predominandy opening mode (* 0*) and the measured debond resismance is low The fiber
pullout is shear dominant (* - 70), giving a high
debond resistance. The other two, four-point bend
and microindentation, produce nearly equal amounts
of opening and shear (* - 45%, representative of the
conditions in thin-film delamination and fiber/matrix
debonding. Microindentation is particularly convenient for small samples (Davis et al. 1991). Other
geometries have also been used to measure debond
resistance (Argon et al. 1989; Kim 1991; Liechti and
Chai 1992; O'Dowd et al. 1992a; Thouless 1990;
Wang and Suo 1990).
The dependence of F on loading phase can be understood on the basis of inelastic mechanisms. For example, the fiber pullout experiment is dominated by
shearing while friction adds to the debond resistance.
This mechanism has been examined quantitatively by
Hutchinson and Evans (1989). In metal/ceramic interfaces, shear-dominated loading produce larger
plastic zones which increase debond resistance
(O'Dowd et al. 1992b).
12.2 Wiliams' Singularity
This section collects mathematical details that refine the
concept of mode nixity. The two solids are linearly
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elastic and isotropic; correspondingranltsir anisoroiCSuo 1990).
pic elascity have been reviewed elewhere
The inelatic region is taken to be mal compared o all
other relevant dimensions of the crack gometvy, so that
the crack front is a mathematical line, the interface is a
mathematical plane, and the crack is seminfinite. The

Here v is Pbismo's ratio, IL the shear modulus, and
sabcripts I sad2 refr t material I and 2, respectiey;
the conants is bounded, Ia < (1/2v)Ln3 - 0.175.
The complex-valued stres intensity factor, K, cannot

crack faces are traction-free. This eigvalue problem

be determined by the eigenvalue problem, but can be

was solved by Williams (1959). The emunial features of

determined by solving the full boundary-value problem

the solution, anes oscillation and cra

-

r ..

4

+

(12.17)

face conuKtir

a given te-piece. The magnitude of K sales with

are described below. The following interpretation is
largely due to Rice (1988).

the applied res and the phase angle of K represens
the relative amount of shear to tension. It can be seen
from (12.16) that K has the dimensions
K = (Saem)

12.2.1 Slow Oscillationin Sraw Field
The tractions at a distance r ahead of the crack tip, on
the interface, are found to be

h~ '-'

Let L be an wbity length, and define ý by

K - [KIL-ilexp()
(7,, + iv , =-

(12.18)

(12.19)

(12.16)

h,

IKl, has the dimension sre

In the above, x andy are Cartesian coordinates centered
at the tip and i - V-T". The bimaterial onstant e is

length",

defined by

shev and Saiganik 1965) by

x

which is independent of the choice of L,

because IL'I - 1. Indeed, IJK is related to 4 (Maly-
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(12.20)

Consequently, IKI and I me equivalent quantities charactenzing the magnitude of the applied load.
Next examine the significance of 4. Combining
Equations 12.16 and 12.19 yields
a,,• + i

-ryx

'K'

2-1 exp i[( + a in(r/L)] (12.21)

The identity, (Ail)" * exp isdn (YIL)], is used in the above.
From Equation 12.21, the ratio of shear stress to tensile
stress at a distance r ahead of the crack tip is given by
,Jayy - tan[4 + g ln(r/L)]

(12.22)

Observe that the traction ratio varies with position r,
and that tan 4 equals the ratio of the shear stress to the
tensile stress at r - L. This feature of interface rks,
caused by elastic mismatch, does not exist in mixed
mode fracture in homogeneous materials. The result in
Equation 12.22 is commonly referred to as the oscilatory singularity, and a is referred to as the oscillation
index. Contrary to a popular misconception, this oscillanon is not rapid, because e is small and because a logarithm
is a slowly varying function. Thus, in specifying mode
mixity, L need not be precisely defned, so long as it is
broadly representative of the length scale of interest.
Up to this point, L has not been given any physical
identity. Because Williams' elastic solution describes the
stress state outside of the inelastic zone, it is sensible to

specify L to be on the order of the inelastic zone size.
For example, in discussing dislocation emission from an
atomistically sharp crack tip, a natural choice of L is
atomic spacing, so that 4 describes the csr5 state over
several atomic spacing (Rice et aL 1990). For a metal/
ceramic interface, where dislocation motion prevails
over distances many times of the lattice constants, L
should be chosen as the plastic zone size. Given two
choices L and L, the corresponding loading phases,*
and 4, shift by

4 - a nii(L/L)

(12.23)

Debond resistance r should depend on stress state
surrounding the inelastic zone, which in turn is charactenzed by the local phase angle 4. Consequently, Equa",ion 12.15 can be rewritten in a more rigorous form.

r

=

r()

sitive to mode mixity, the value of

4,
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together with ,

must be reported together with the value of r. Moreover, a common L must be used in the definition of '
when comparing toughness values at different mode
mixities

1222 Smll-Scale Coact
In a homogeneous material, crack faces come into contact under compression. By contrast, interface crack
faces may come into contact regardless of loading condition. The size of the contact zone depends on the
mode mixity. In composites, the fiber and the matrix
may remain in contact because of the residual compression or asperities, sliding against friction during pullout.
This provides an example of large-scale contact
(Hutchinson and Jensen 1990). In many other technical
problems, such as thin-film decohesion, contact zone is
small compared to the overall dimension. This section
provides a criterion for small-scale contact.
Williams elastic solution shows that the displacement
jump at a distance r behind the crack tip is
+ t

( - IL -I,

+

1-2).
.
•+
(12.25)

From the above, the crack opening is

8Y - bcos[4 + aln(Lbr) - tan-

(20)]

(12.26)

where 8 . (8,2 + 82) a is the magnitude of the displacement jump. If t'is interpreted as the process zone
size, and if the crack is required to remain open, i.e., by
> 0, within L < r < ioL, the mode mixity must be
confined within
-II/2 + 2g < 4 < v/2 + 2.6r
-ir/2 - 2.6t < 4 < r/2 + 2z

for e > 0
fort < 0 (12.27)

The number 100 is arbitrary, but the condition in Equation 12.27 is not sensitive to this number. When e = 0,
the above condition simply states that contact will not
occur under tension, which is known for homogeneous
materials.

(12.24)
12.2.3 Specimen Calibrations

Because the size of the inelastic zone depends on fracture mechanisms ranging from nanometers to centimeters, it is meaningless to employ a single L for all
bimaterials. For interfaces with debond resistance sen-

For a given test piece, the complex stress intensity factor
K can be solved by an elastic stress analysis. It has the
generic form
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K - YWvT-L

exp(i*)

(12.28)

where T is a representative sutes magnitude, and L a
characteristic crack dimension. Y and * are dimensionless real numbers that depend on elastic constants, geometric parameters, and loading. Note that * is by definition the phase of KV'. Solutions have been compiled
by Hutchinson and Suo (1992).
As an example, consider a Griffith crack of length L
on the interface between two materials (Figure 12.7).
The complex stress intensity factor is
K

-

(1 + 2ia)V

-2L-i"Texp(iw) (12.29)

where w is the remote loading angle. Driving force I is
obtained by substituting Equation 12.29 in Equation
12.20; the loading angle consistent with Equation
12.28 is do- w + tan - 1(2). The mode mixity at r
L is given by
w + tan- (2e) + a ln(L/L).
S=

remote tension, w - 0", one finds i - 34°, that is. a
large shear component exists near the crack tip. Now
change the crack size to L - I cm, and everything else
being the same, the new phase angle becomes ii 40c

12.3 Crack Tip Plasticity
Plastic flow around the tip of an interface crack has been
analyzed by Shih and Asaro (1988), Shih et al. (1991).
and Zywicz and Parks (1989, 1992). Plasticity aspects ot
interface cracks are reviewed by Shih (1991). Consider
a stationary interface crack between two materials, at
least one of which is platically deformable (Figure
12.7). SmaJl-scale yielding conditions prevail-that is.
the plastic zone size rp is much smaller than the characteristic specimen dimension (e.g., crack size L for a
finite crack in an infinite body). Stress distribution over
distances r b, rp is approximately determined by elas-

ticity, as if near-tip plasticity were nonexistent. In par(12.30)

For a numerical illustration, consider an alumina/glass
interface (e - - 0.05). The crack size L - I mm, and
the process zone size is of the order L - I rum. Under
a
YY
T
a'"
, ye

ticular, the stress field in the annulus, rp ,4 r -4 L, is

given by Williams' singular solution discussed in Section
12.2. The boundary value problem thus consists of two
semi-infinite materials bonded over x, > 0, but unbonded over xj < 0; Williams' stress distribution is
applied as boundary conditions as r - -,
with a
complex stress intensity factor as follows:
X - jL-iexp(il)

(12.31)

Here L is the crack size, and * the load angle in the
elasticity problem of finite crack. The elastic-plastic
response is characterized by Jz flow theory.
L2

12.3.1 PlasticZone Size
The problem contains two length scales, L and
(IKI/ay) 2, cy being the lower yield stress of the two
materials Elementary considerations suggest that rp
scales with (IKI/ay)2 , providing a natural length to
define mode mixity. Define a dimensionless number by
= + an(I)
(12.32)

rpP

According to the interpretation in Section 12.2.1, tan 4
C mKr'E
•yy*CY
, r 4=7

b

as r~w

r

Figure 12.7. (a)A finite interface crack subiected to a remote
tension T at angle w; the plastic zone size is assumed to be
small compared to the crack size. (bW
A small-scaled yielding
problem is posed.

broadly represents the traction ratio ay/ay), near r
(IKI/oy)Z, or just outside of the plastic zone.
The plastic zone size is given by
rp - 9(jKj/ory)2

(12.33)

The dimensionless factor 1%depends weakly on material
constants, but is sensitive to mode mixity, ranging from

Modeis 6or MetlaCeramic Interface Fracture
0.15 to about 0.65 as [I increases from 0 to 'w/2.
Furthermore, the shape of the plastic zone depends on

so.
ti.

the sign of 1, which may lead to different debond
resistance for loading with opposite shear directions.
The above results are rigorously correct for deformatIon
plastcity; numerical calculations have shown that they
ar quite accurate for flow theory.

C-0

I/.
I-0 .......

b

b

(12.34)

J/y

The prefactor, 9, ranges from 0.5 to 0.7 for II S ir/6
when the metal has low strain hardening (N < 0.1).
The two lengths, rp and 8t, differ by a factor comparable
to the yield strain.
The traction ratio, oxy/cr., ahead of the blunted
crack tip, within 8, < r < rp, is shown in Figure 12.8.
Note that tan 4 - a.,,er near r - (jKI/cy) 2 . For the
opening mode t - 0, the traction ratio remains small
over the range of distances shown. Under mixed mode
loading k 0 0, moderate variation in the traction ratio
is observed. The trends displayed in Figure 12.8 are
representative of metal/ceramic interfaces. Figure 12.9
shows the distribution of the hoop stress ahead of the
crack tip. Focus on the curve for C - 0. The blunted
crack tip relieves the constraint, leading to a low stress
,Q0o
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mel Propeies areN - 0.1, ey - 0.003, and Y= 0.3.
within r < flay. The hoop stres reaches a maximum at
distance r -= JI/y. The stiffer substrate provide additional constraint to plastic flow so that the sress for 4 ,
0 is about 10% higher than the level for the corresponding homogeneous material (Shih et al. 1991). The constraint is partially relieved when the loading contains a
large shear component.
In recent experiments with niobium diffusion
bonded to alumina, OTDowd et al. (1992b) found that
debond resistance varies significandy with mode mixiry;
for example, 1(4 o/1(0) - 10. An attempt was made
to correlate mixed mode debond resistance on the basis
of a cleavage stress at a characteristic distance (for
example, distance between triple point junctions in
A120 3), as an extension of the early work of Ritchie et
al. (1973) on mode I fracture in mild steels.
The evolution of cyclic near-tip fields ahead of a
stationary interface crack has been investigated by
Woetjen et al. (1992). Under monotonic loading to
peak tensile load an essentially mode I near-tip field is
observed over the major portion of the plastic zone,
similar to the result in Figure 12.8 for t - 0. However,
a mixed-mode field is generated near the tip upon
removal of the tensile load. The development of strong
shear tractions ahead of the interface crack tip has

for fatigue fracture mechanisms
aimportant
nd f atig ueimplications
Wi
e.
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Next consider the srem distribution w/ibin the plastic
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zone. The region of interest is bounded by the plastic
zone
size rp,
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12.3.2 Stres DistributionAround
a Blunted Crack T1p
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0-0

12.3.3 Consamiied/luaay

log (r/(IKI/(.,)t]

Figure 12.8. The ratio of shear over tension ahead of the

crack np, on the interface, in the range , s r S rp.
Metalceramic bimaterial; metal properties are N - 0.1, ey
= 0.003, and Y - 0.3.

Reinanis et al. (1991) have carried out fracture experiments with gold foils that were diffusion bonded between sapphire plates. The foil thickness, h, is much
smaller than the overall dimension of the specimen. The
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plastic zone is comparable to (or even larger than) h, but
the total inelastic zone size is small compared to specimen dimensions. Therefore, the remote load can be
prescribed by a stress intensity factor. Upon loading,
partial debond develops at a distance several times the
toil thickness ahead of the crack tip. These microdebonds do not connect with the crack tip. With
iurthur loading, new debonds nucleate at a even larger
distance ahead of the crack tip, as shown in Figure
12.11 (d). The intact metal ligaments bridge the crack,
leading to a rapidly rising resistance curve (R-curve).
Here we focus on the initiation of the micro-debond,
the precursor to bridging.
The above phenomenon is an extreme form of largescale yielding (relative to the foil thickness b), in which
the metal foil is highly constrained by the sapphire
plates. A finite element analysis by Varias et al. (1991,
1992) reveals that the hydrostatic stress in the metal foil
increases steadily as the applied load increases; this is in
contrast to the stress distribution ahead of an interface
crack between two substrates that cannot elevate above
three to four times the yield sess. The behavior of the
mean stress in the metal foil is shown in Figure 12.10.
Near the tip (rib - 1), the stress distribution is not
affected by the constraint of the foil thickness, so the
mean stress is about three times the yield stress,
similar to the distribution in Figure 12. 9. At a distance several times the foil thickness, the mean stress
reaches the maximum, which increases with applied
load; the location of the maxima shifts ahead as the
load increases. These elevated stress maxima are responsible for micro-debonds.

12.4 Growing Cracks and
Debond Resistance
Debonding rearranges the atoms that form the interface
into two free surfaces, consuming the Griffith energy
rG ' '/I + 12 - ',nt

Here .y! and 72 are the surface energies of material 1
and 2, respectively, and 'ytr is the interface energy. The
Griffith energy is small, since only a few layers of atoms
participate in irreversible movements. To increase
debond resistance, more atoms must be brought into
the inelastic process, through mechanisms activated by
stress lower than that required for atomic separation.
For example, rG < 10 J/m 2 for A120 3 , but even single
crystal A120 3 has fracture resistance exceeding 30 //m2 .
Some heat-dissipating, atomic-scale snapping processes
might exist, involving atoms off the crack plane (K.-S.
Kim, private communication). The fracture resistance
of polycrystalline A120 3 is further increased by grainscale dissipating mechanisms such as pullout against
friction (Vekinis et al. 1990).
Studies on crack growth resistance in metals were
initiated by McClintock and Irwin (1965). They used
small-scale yielding solutions for growing cracks in
mode III, together with a growth criterion based on the
attainment of a critical strain at a characteristic distance
ahead of the tip. Later developments along this line
were given by Drugan et al. (1982), and have been
extended by Drugan (1991) and Ponte CastaAeda
and Mataga (1992) to cracks growing along bimaterial

7.0

Figure 12.10. Inset: a metal foil bonded between
two ceramic substrates, subjected to a remote
Mode I stress intensity factor. The mean stress
distribution ahead of the crack tip is plotted for
several loading levels.
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interfaces. Mechanism-based models to relate debond
resistance to micromechanisms have been developed
recently, and provide a focus for the subsequent presentation. We will limit our attention to predominantly
0

opening mode of fracture.

12.4.1 CCrack-Bridging
Asolid will fall apart unless something holds it together.
A far reaching, unifying idea, sufficiently rigorous for
our purpose, is to represent "binding" by a relation
between attractive stress, a, and separation, 8. Such a
relation is sketched in Figure 12.5, and is written as
S/B
- X(8)

-....---

Q

(

'"

matet

,,f
47XK~dK(12.37)

The dimensionless integral is of order unity. In practice,
the shape function X is difficult to determine precisely,
but the quantities vB and 8B are readily related to
microstructural variables (Evans 1990). One can therefore estimate fracture resistance by
rB -

•

(12.36)

the shape of the
The dimensionless function X describes
relation and the scale is set by oB and 6B. The energy
required to separate unit area of surfaces so bridged is
-

b

rB8 1B

(12.38)

Sketched in Figure 12.11 are several bridging mechanisms, and Table 12.1 lists the representative values of
aB, 8a and ri for these mechanisms. Atomic bond has
high strength but small debond separation, resulting in
a small fracture resistance. Ductile, crack-bridging igaments give rise to a substantially higher fracture resistance; these ligaments are believed to operate in polycrystalline steels at lower shelf (Hoagland et al. 1972),
and in a ceramic matrix containing metallic particles. In
the latter, 68 scales with the diameter of the particles. It
remains unclear for polycryscalline steels whether 8B is

d

Figure 12.11. Crack-bridging mechanisms: (a)atomic
adhesion, (b ductile ligaumers, W hole growth, and (d)
altmatiAg debonding
tple-poin junctions. Hole growth usually dissipates
large amounts of energy. Thin metallic foils sandwiched
between two ceramic substrates may debond along alternating interfaces, either because of periodic weak
spots fabricated during bonding (Oh et al. 1988), or
because ofa constrained plastic flow (Reimanis et al.
1991; Varias et al. 1991, 1992). More detailed review
on crack-bridging concepts can be found elsewhere (Bao
and Suo 1992; Suo et al. 1993).

12.4.2 Crack-Bnidngand
Backround Plasticity

set by grain size or some other microstructural lengths.

It is assumed in the previous section that inelastic de-

Holes can nucleate in ductile alloys around hard inclusions, or on metal/ceramic interface around pores or

formation can be fully represented by a bridging law
while the background material is elastic. In practice,
several inelastic mechanisms can operate simultaneously. An interesting example involves a ceramic matrix containing both ductile and transforming particles.
The ductile particles form bridges, while the transforming particles contribute to background dissipation.
increases the height of the wake, transforming
more particles and thereby dissipating more energy;
zone. Thus, the
bridging1988).
shields
transformation
Budiansky
synergism (Anazigo
andthe

Table 12.1. Illustrative Properties for Bridging
Mechanisms
Atomic bond
Ductile ligament
Hole growth

B(N/1n 2)
1010
8
10'

Metal foil

107'

boon)
10-i°
1 0 -5
1-4
0-S

rs - as9(Jym2)
1
103Bridging

102
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Consider the deformation hstory that a material at
distance y off the interface experiences as the crack up
entire
passes by. The energy density variation for the
process is

5
/(TV

4

:_ 3
!35

W(y) - JPr0YA

(12.39)

The integral is carried over the entire history, including
the heat dissipation when the particle is in the active
plastic zone, and the residual stress energy when the
particle is in the wake. Let Hi and H2 be the depths of
the inelastic layers in the two materials The total energy
expended in the background for the steady-state crack
to move unit distance is
rp

H

l

W(y)dy

(12.41)

Because rp and ra are typically much larger than rG, it
is sometimes assumed that rG is an irrelevant parameter
for fracture involving substantial plasticity. However,
several authors have pointed out that if cleavage is the
basic fracture mechanism, rp or rB must, in some way,
depend on rG - that is, the smaU quantity rG serve as
a "valve" for large dissipation rg and rp (Joki et aL
1980). For example, in transformagion-toughened cg,
ramics, the matrix toughness sea the extent of the
transformation zone and thereby rp (McMeeking and
Evans 1982; Budiansky et al. 1983).
A more familiar example is ductile fracture of alloys,
where the near-tip mechanism of hole growth and
coalescence serves as the valve for larger-scale plastic
dissipation. This process has been analyzed by Needleman (1987, 1990), Varias et al. (1990), and Tvergard
and Hutchinson (1992). Consider a precut remotely
loaded by a monotonically increasing CA.When IA< ro,
the bridging develops ahead of the crack tip, as does the
plastic zone, while the crack remains stationary. The
crack begins to grow or, rather, the bridges start to
break when I - 179. In this sense, backround plasticity
does not provide any shielding prior to crack growth.
This can be readily understood by theJ-integral, and by
the fact that plastic flow is proportional prior to crack
growth. A reference length is defined by
-
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As the crack grows, the bridging zone translates in
the material: old bridges are
broken in the wake, and
new bridges are formed in the front. The background
material also experiences elastic unloading and possibly
reverse plastic loading. The complicated deformation
shields the crack. The shielding ratio, Wi'a, increases
with the crack increment Aa, as shown in Fig 12.12. It
is evident tha the steady-state is established when the
crack growth is greater than several times RB. The
steady-state fracture resistance, rSs, depends on oai/oy.
The trend can be better seen in Figure 12.13. For a
nonhardening material (N - 0), no contribution is
derived from the background plasticity if crs/oy < 2;
conversely, the crack is "lock up," of has infinite fracture resistance when ar8iay 2 3. Similar trends are
observed for strain-hardening materials.
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The total fracture resistance, which includes Griffith
energy, bridging energy, and stress work in the background, is given by

r . rG + lr8 + rP

S3.0

1

•

s
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6
5

6
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(12.42)

Figure 12.13. Steady-state shielding ratio as a function ot
This reference length scales with the extent of the

bridging stength relative to yield strength. (From Tuwgaard

plastic zone size when IA- 7s.

and Hutehinuo 1992.)
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12.4.3 Brittl•cDebonding in the Presence
of Plastic Flow
It is known that a sharp, cleaving crack can propagate,
slowly or dynamically, surrounded by substantial dislo-

cation motion. For example, a sharp crack can grow
slowly by cleavage along a gold/sapphire interface even
though the gold deforms plastically; the measured fracture energy is much larger than rG (Reimanis et al.
199 1). Similar behavior is observed in copper/glass (Oh

-.

"

et al. 1987), copper/sapphire (Beltz and Wang 1992),

nmobium/alumina (O'Dowd et al. 1992b), and copper
bicrystals contaminated by bismuth (Wang and Ander-

son 1991). This phenomenon cannot be explained by
the models discussed in the previous sections. Atomic
cohesive strength, crB, is known to be orders of magnitude higher than macroscopic yield strength, cry. When
aBiCrY exceeds about 4, crack-bridging models within
the framework of continuum plasticity predict that the
crack blunts, limiting the near-tip stress to several times
ay (Figure 12.9). Consequently, cleavage cannot proceed from the crack tip. Instead, one has to appeal to
other fracture mechanisms, such as hole growth (Rice
and Johnson 1970) and cleavage from a remote defect
(Ritchie et al. 1973), both leading to rough fracture
surfaces not observed in experiments cited in the previous paragraph.
Figure 12.14 conveys the essentials of a theory proposed by Suo et al. (1993). The fundamental process for
plastic flow is discrete, consisting of at least two length
scales: the Burgers vector b - 10- 16 m, and dislocation
spacing D - 10-6 m. On one scale, atoms exhibit
individuality ultimately governed by quantum mechanics. On the other scale, dislocations interact through
continuum elasticity. Contiruum plasticity applies
when stress variation over a multiple of D is small
compared to the macroscopic yield strength. The discreteness becomes important for events occurring between lengths b and D.
The theory is based on a single premise: the crack
front does not emit dislocations. This happens, for
example, for cleavable materials such as steel and silicc ,
below the ductile-brittle cransition temperature, or co
taminated grain boundaries, or interfaces subjected to
ervironmental degradation, or interfaces with a few
atomic layers of brittle reaction compounds. As illustrated in Figure 12.14, so long as dislocation spacing D
is much larger than the lattice constant, the probability
for a pre-existing dislocation to blunt a major portion of
the crack front should be extremely small. Consequently, a crack that does not emit dislocation will
remain nanoscopically sharp, advancing by atomic decohesion. Within the cell, essentially free of dislocations
that surrounds the crack front, the crystal is linearly

Figure 12.14. A decohesion front in a network of
pre-existing dislocations. The diameter of the decohesion
core is about 1 nm; the average dislocation spacing is more
than 100 nm.

elastic down to a nanometer. Near the crack tip, nonlinearity arises from partial atomic separation and nanoscopic shear bands. The size of the elastic cell, represented by D is several orders of magnitude larger th-n
the nonlinear zone size. Consequently, information regarding the nanoscopic nonlinearity is transmitte -to
an observer outside the elastic cell-through a single
quantity: the Griffith energy r. The elastic cell provides a medium through whi i the stress decays rapidly,
matching the high atomic &-,ond stress on one side,
and the low macroscopic yield stress on the other. For
example, with b = 10-1 0 m and D = 10- 6 m, the
stress decays approximately by a factor V3l = 100
over a distance of 1 ;.Lm. The dislocation motion at the
characteristic distance D away from the crack tip dissipates plastic energy, rp, which is typically much larger
than rG. In summary, atoms around a crack front can be
divided into three regions: nanoscopic decohesion
zone, microscopic elastic cell, and macroscopic dislocation dissipative background.
The elastic cell is a nanomechanics concept with
imprecise, if any, continuum description. The concept
can be approximately understood in terms of spatially
varying yield strengths. Sketched in Figure 12.15 is
yield strength varying with the distance from a representative atom at the crack tip. The theoretical shear
strengch is approached near the crack tip; the strength
decays to the macroscopic yield strength in the background. The shape of the decay function has not been
investigated; dislocation cell models may provide some
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Further simplifications are needed to make quanti-

0

tative predictions (Figure 12.16). The decohesion zone
is small compared to D so that the square root singular

-S

...... Theoretcl Yild Strength

elasticity solution prevails in b 4 r 4 D. Detailed
aromistic description of decohesion is unnecessary except for a prescription of a cleavage energy rG. The
shape of the elastic cell is unimportant because the
zone height is typically much larger than D; we

z ,plastic

use a strip to represent the elastic cell. A disc translating
L,

with the crack tip can be another convenient choice, but
the difference is expected to be minor in so far as 1/1,p
concerned. The background dislocation motion is

•is

.Jw

M oYield strength

S
lnm

---

by continuum plasticity. A refinement, if
represented
needed,

may include individual dislocations
or a dislocation network in the transition region between the

elastic cell and the continuum plastic flow.

lbDmD

C FThe
0 DISTANCE FROM AN ATOM

crack starts to grow when % a rG; more load
is required to maintain the growth, leading to a resis-

Figure 12.15. Yield strength as a function of the distance

tance curve. The plastic zone also increases as the crack

from an atom at the center of an elastic cell.
insight (Lubarda et al. 1993; Kubin et al. 1992). Nevertheless, the decay function must have a characteristic
length comparable to the dislocation spacing D.
Consider a cleavable, rate-independent material with
Griffith energy rG, yield strength ay and yield strain ey
= vy/E, E being Young's Modulus. The crack tip energy

grows, attaining a steady-state height H. The energy
release rate reaches a steady-state value rss. The model
geometry is analyzed in the steady-state using finite
elements. Figure 12.17 shows that the shielding ratio
increases rapidly as D or cry decrease. The influence of
strain hardening exponent, N, can also be seen. For
nonhardening metals, the plastic dissipation completely
shields the crack tip at a finite D eyoy/%Sup. In practice,

release rate, %tip, is shielded by background dislocation

D may be used as a fitting parameter to correlate ex-

motion from the remotely applied energy release rate,

perimenral data. For example, a metal with cy = 10'
N/m2, ey - 33 x 10-3 and rG - 2]/m2 gives r&/y
- 6 pin. If the measured fracture energy rss = 20
Jlm2 , one finds from Figure 12.17 that D - 0.1 im.
In an experiment with a single crystal of copper

'3.

Dimensional analysis dictates that
%S1'Snp = g(Deyery/Icip)

(12.43)

The shielding ratio g also depends on crack increment
and material constants such as ey, Poisson's ratio v and
in particular, the shape of the decay function in Figure

diffusion bonded to a sapphire disc (Beltz and Wang

12.15. For properties representative of metals (e.g. D -

10 -3, 0,y - 101 N/m2 , rG-- I J/m2 ), the
parameter D EY /IG ranges from 10-2 to 10. The
I lMm, ey -

parameter can be understood in several ways; e.g., all

else being fixed, an increase in elastic cell size D reduces

elastic

-

plastic

the total energy dissipation. Under steady-state growth,

•Sp = rG and %equals die measured fracture energy
r. The plastic dissipation rp is given by r - rp + rG.
In the present theory, it is assumed that no low
strength, long range bridges, such as tearing caused by
cleavage plane reorientation between neighboring grains,
operate in the crack wake. These bridges are responsible
for the large "cleavage energy" reported for polycrystalfine
steels. When operating, the bridges may serve as a bigger
valve than atomic decohesion. Ifthis isthe case, a bridging
law may be used in the present model. Indeed, when oa/y
< 4, the present model should reduce to a regular bridging model without an elastic cell.

•

.elastic
elastic2

I 2D

elastic - plastic

Figure 12.16. Amodel system with a step-function decay in

yield strength.
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Abstract-The activation energy for dislocation nucleation from a stressed crack tip is calculated
within the Peierls framework, in which a periodic shear stress versus displacement relation is
assumed to hold on a slip plane emanating from the crack tip. Previous results have revealed that
the critical G (energy release rate corresponding to the "screened" crack tip stress field) for
dislocation nucleation scales with yus (the unstable stacking energy), in an analysis which neglects
any coupling between tension and shear along the slip plane. That analysis represents
instantaneous nucleation and takes thermal effects into account only via the weak temperature
dependence of the elastic constants. In this work, the energy required to thermally activate a
stable, incipient dislocation into its unstable "saddle-point" configuration is directly calculated for
loads less than that critical value. We do so only with the simplest case, for which the slip plane is
a prolongation of the crack plane. A first calculation reported is two-dimensional in nature, and
hence reveals an activation energy per unit length. A more realistic scheme for thermal activation
involves the emission of a dislocation loop, an inherently three-dimensional phenomenon.
Asymptotic calculations of the activation energy for loads close to the critical load are performed in
2D and in 3D. It is found that the 3D activation energy generally corresponds to the 2D activation
energy per unit length multiplied by about 5 - 10 Burgers vectors (but by as many as 17 very near
to the critical loading). Implications for the emission of dislocations in copper, a-iron, and silicon
at elevated temperature are discussed. The effects of thermal activation are very significant in
lowering the load for emission. Also, the appropriate activation energy to correspond to molecular
dynamics simulations of crack tips is discussed. Such simulations, as typically carried out with
only a few atomic planes in a periodic repeat direction parallel to the crack tip, are shown to greatly
exaggerate the (already large) effects of temperature on dislocation nucleation.

1. INTRODUCTION
We build on recent advances in the modeling of dislocation nucleation at a crack tip based the
Peierls-Nabarro cncept (Rice, 1992; Beltz and Rice, 1991, 1992; Rice et al., 1992; Beltz, 1992;
Sun et al., 1993; Sun, 1993). These have provided a consistent description of the genesis of a
dislocation, free of core cut-off parameters of earlier approaches, and have predicted a critical load
for emission in various materials. The analyses presented thus far, however, have neglected
thermal effects, except perhaps through the weak temperature dependence of the elastic constants
which enter the analysis. They thus correspond to instantaneous emission without aid of thermal
fluctuations. The purpose of this paper is to extend the Peierls model to calculate the activation
energy associated with the nucleation of a dislocation, thereby gaining insights on the effects of
elevated temperatures. The basic premise is that, assuming a crack is loaded below the critical
load for instantaneous emission of a dislocation, a dislocation could nevertheless be emitted if
thermal activation supplies enough energy to overcome the predicted activation energy barrier.
Realistically, tb,- i's a very localized process, involving the unstable emission of a dislocation loop,
and hence the problem is inherently three-dimensional. Initially, a 2D activation energy (per unit
length off dislocation line) for dislocation nucleation within the Peierls framework is calculated
directly and then via an asymptotic analysis (good for loadings near the critical loading for
emission). Next the asymptotic analysis is extended to the 3D situation, so as to approximately
calculate the activation energy and shape of the activated slip configuration.
Rice and Thomson (1974) regarded the ductile versus brittle behaviour of materials as a
competition between dislocation emission at an atomistically sharp crack and cleavage decohesion.
In their work, the activation energy was calculated for a crack which had been subjected to the
Griffith load for cleavage (i.e., when G, the "applied" energy release rate attained the value 2y.,
the ideal work of fracture, defined as twice the surface energy). A disadvantage is that their
analysis considered a pre-existing, fully-formed dislocation on a slip plane intersecting the crack tip
and hence relied on the uncertain core-cutoff parameter ro from elastic dislocation theory (see
Figure la); that and other ad-hoc energy cut-offs, especially at the near-atomic length scales
involved, provided what are now regarded as very questionable estimates of the activation energy
(Argon, 1987). With this limitation in mind, various crystals were classified as ductile or brittle
based on the outcome of this calculation. In general, dislocations in fcc metals were found to
become unstable when the fully formed dislocation was within one core radius of the crack tip, and
since the elastic forces considered in this calculation are ill-defined on the length scales considered,
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it was argued that dislocations were spontaneously emitted in these materials. The bcc metals, as
well as the covalent and ionic crystals considered were found to have positive activation energies
with an activated dislocation loop that was sensibly large. Examples include iron, with an
activation energy of 2.2 electron volts (which is small enough for thermal activation to be
important, as will be discussed later), and silicon, with an activation energy of 111 electron volts
(which is prohibitively high for thermal activation to occur at room temperature), but which is
much higher than what is found here.
Through extensions by Mason (1979), Anderson (1986), and Anderson and Rice (1986), the
Rice-Thomson model evolved to a state where the competition between dislocation emission and

cleavage was evaluated not in terms of an activation energy but rather via the separate calculation of
Gcrit, the energy release rate associated with the emission of a single dislocation and Gleave, the
Griffith cleavage energy. The former depends not just on the geometry of the slip system relative
to the fracture plane, but also on the ratios of stress intensity factors (modes 1, H, and HI) to one
another. If G < Gcleve, then it is assumed that a dislocation would be spontaneously emitted
before decohesion and vice versa. The calculation of the activation energy for dislocation emission
has been additionally considered within the Rice-Thomson framework by Li (1981, 1986) who
calculated the activation energy as a function of the applied energy release rate, rather than
evaluating it at the Griffith cleavage level. Li's result, valid for a mode H load and a slip plane
coplanar with the crack plane, gives the the activation energy (per unit dislocation length) to emit an
edge dislocation and can be written as
( - v) AUact -1
G
(1)

gtb2

4z

Ggri4)

where y and v are the shear modulus and Poisson's ratio, respectively. This result will be seen
to overestimate the more exact 2D results calculated here.
Calculations of the activation energy for dislocation emission in silicon have been of interest
recently because this material undergoes a relatively sharp ductile-to-brittle transition at a
temperature dependent on loading rate, e.g., at approximately 5620 C at a strain rate of 1.310-6
s-1 (see experimental work by Samuels and Roberts (1989), Chiao and Clarke (1989), Warren
(1989), Michot and George (1986), and references therein). Dislocation motion below the
transition is not observed, and the transition temperature increases with strain rate: increasing the
strain rate by a factor of 20 increases the transition temperature by about 100 C*. As mentioned
before, however, the Rice-Thomson estimate of the activation energy at the fracture stress for Si
was 111 electron volts, making thermally activated dislocation nucleation at the transition
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temperature impossible. Haasen (1983) has estimated the activation energy in Si at the Griffith
load to be as low as 0.5 eV, taking into account the fact that the stacking fault energy in Si is
relatively low and hence nucleation of a partial dislocatior with Burgers vector b = (a/6)[112] is
favored. Additionally, L.-I- Lin and R. Thomson (private ,mimunication, 1992) have carried out
a calculation of the activation energy for a rectangular partial dislocation loop in Si and obtain
values between 0.5 and 1.0 eV, making thermal activation possible; the difference between these
numbers and the one calculated by Rice and Thomson is attributable to the fact that a partial
dislocation is considered, and a much different saddle-point configuration was assumed
(rectangular versus circular). The aforementioned numbers seem too low to account for the ductile
to brittle transition in silicon, especially in light of recent atomic calculations by Duesbery et al.
(1991) and Kaxiras and Duesbery (1993), which reveal anomalously large values of the unstable
stacking energy 7us (= 1.91 J/m 2 for relaxed shear, commonly referred to as ()•, on the so-called
"glide-set" and 1.67 J/m2 on the "shuffle" set), the parameter which controls dislocation nucleation
within the Peierls framework (Rice, 1992) and which will be discussed in further detail below. It
has become increasingly evident in recent years that it may be lattice friction against motion of
dislocations, not the nucleation event itself, which controls the ductile-to-brittle transition of silicon
(Mfichot and George, 1986; Brede and Haasen, 1988; Chiao and Clarke, 1989; Warren, 1989;
Hirsch et al., 1989; Hirsch and Roberts, 1991; Hsia and Argon, 1993). However, the issue
remains incomplettly resolved. Further discussion of the instantaneous nucleation of dislocations
in silicon may be found in recent work by Sun et al. (1993) based on parameters for Peierls
modeling of Si from Kaxiras and Duesbery (1993) and Huang et al. (1991); additionally, the
detailed application of the ideas presented in this paper to the understanding of thermal activation in
the brittle-to-ductile transition in silicon is the subject of a follow-up paper (Beltz and Rice, 1993).
The most serious drawback to the Rice-Thomson model is that is treats a fully-formed
dislocation on a slip plane intersecting the crack tip, as depicted schematically in Figure Ia The
activation energy analysis proceeds by considering a given set of applied loads and then finding
stable and unstable configurations which satisfy equations of equilibrium, in terms of r (the radius
of the pre-existing loop). As pointed out by Argon (1987), and more recently Sch6ck (1991), a
dislocation is likely to emerge from a crack tip as a Peierls-like shear distribution of atoms across
the slip plane, and hence the Burgers shear displacement of the loop, as well as the radius of the
loop, should be considered as the activation parameters. A simple argument given by Argon
shows that the consequences for the activation energy should be appreciable: the primary scaling
factor for the energy analysis (as will become apparent later in this work) is gb3 (u is the shear
modulus and b is the magnitude of the Burgers vector); hence, if the incipient dislocation
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configuration involves slip of less than a full atomic spacing, then the activation energy should be
strongly reduced due to the power of 3 (the same argument applies as well to the Haasen (1983)
analysis of partial dislocations in silicon). Schdck (1991) has treated the nucleation from a crack
tip within the Peierls framework in an approximate fashion for a straight dislocation and a
dislocation loop has been similarly treated by Schock and Pischl (1991). The activation energy
analysis in this paper follows procedures within the Peierls framework set out by Rice (1992), and
further developed by Beltz and Rice (1991, 1992), Rice et al. (1992), Beltz (1992), Sun et al.
(1993), and Sun (1993), in which exact 2D solutions for incipient shear distributions at a crack tip
are determined.

2. THE PEIERLS-NABARRO FRAMEWORK FOR NUCLEATION
To review the Peiers, or Peierls-Nabarro, model for dislocation nucleation, suppose that one
of the possible slip planes in a crystal intersects a crack tip. Here we assume that the material is an
isotropic elastic solid, that the emergent dislocation is of edge character releative to the crack tip,
and that there is negligible effect of tensile stress on the shear response along slip planes (analyses
that remove all these simplifications are given in the works cited above). If the solid is loaded, an
incipient dislocation may begin to form on a slip plane (see Figure Ib); under increasing load the
dislocation may become emitted if the load reaches a critical value. Alternatively, cleavage
decohesion could occur causing the crack to propagate; this scenario is not addressed in this paper
but it is important when evaluating the ductile versus brittle behaviour of materials. The shear
stress r on the potentially active slip plane is taken to be a periodic function of 8 (=-8r = 8x for
the mode II case to be discussed), the shear displacement discontinuity across the plane. Once T=
T(8) is known, the shear displacement profiles 8 = 8(x) (x is the distance from the crack tip) as a
function of the applied stress intensity factors can be determined via the solution of an integral
equation to be introduced below. In the simplest case, when the slip plane is taken to be coplanar
with the crack plane, Rice (1992) showed that an incipient edge dislocation becomes unstable when
G, the "applied" Griffith energy release rate associated with the mode 11 component of loading,
given by G = (l-v)(Kn) 2/21i, attains the value of the unstable stacking energy, corresponding to
the first maximum undergone by the energy per unit area of the slip plane, 4D = 4)(8) = J%(8)d8.
Emission criteria for the case when the slip plane is inclined at some angle 0 may be extracted
from the same type of integral equation solution, assuming that a suitable function z(8) is known,
chosen to at least approximately include the effects of tension normal to the slip plane (Rice et al.,
1992; Beltz and Rice, 1992; Sun et al., 1993).
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The shear stress "on a slip plane is typically expressed as a function of A, the relative
atomic displacement undergone by atoms on opposite sides of the cut, which differs from 6 due
to an elastic shear strain Vg acting over a distance h normal to the cut, where h is the interplanar
spacing. The simplest modeling assumes that the function r (8) is given parametrically by the
relations (Rice, 1992)
T= (wy,/b) sin(2xA/b),

(2)

with
(3)
An extensive literature exists (see Rice et al. (1992), Sun et al. (1993), and references therein)
concerning more realistic forms for r versus 6, most of which include a coupling effect due to
tensile stresses normal to the slip plane. Equation (2) is commonly associated with the Frenkel

8 = A - (b0/2) sin(2UA/b).

model, in which the initial slope of rversus A is identified with the shear modulus, giving
"Yus= gLb2 /2x 2 h,
thus within the model yus is fully determined by p, b, and h.

(4)

Results from atomic calculations (Rice et al., 1992; Sun et al., 1993) suggest that Equation
(4) overestimates the unstable stacking energy for a wide range of materials, or underestimates it,
in the case of silicon. In this analysis it is convenient to note that until now the parameter h
appears only in Equation (4); hence it may be regarded not as the true interplanar spacing but
rather as a fitting parameter which allows p and yus to be independently specified for a given
material. To be more specific, if h is literally interpreted as the interplanar spacing, h/b = O for a
Shockley partial in the fcc lattice, OT2/4 for a Shockley "glide" partial in the diamond cubic lattice,
and fZT for a full dislocation (<111> type slip direction) in the bcc lattice, thus the Frenkel model
rigorously states that for the three lattices, yrs should be 0.036gb, 0.143gb, and 0.062gb,
respectively. If, however, it is known that yus differs from the Frenkel prediction, for example in
the glide planes of silicon, where the atomic calculation referenced earlier gives (r) = 0. 142pb, an
"effective" value of h/b, determined from Equation (4), would then be 1/(0.142)2xr2 = 0.357
(versus the actual value of 0.354). It is interesting to note that the Frenkel theory overestimates 4]
in silicon by only about 1%.
The energy per unit area quantities WY(A) and 01(8) are defined such that lrdA = d'P and zd8
= dO. Combining with Equation (3) reveals that O(S) = 'Y(A) - h' 2 (A)/2p, and integrating the

same equation gives
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T

= y• sin 2 (XA/b),

4 =

yus

(5a)

sin4 (•A/b).

(5b)

The latter is expressed in terms of 8 by Equation (3). Figure 2 shows plots of 0(g) as well as
t(8). Assuming that the slip plane is coplanar with the crack plane and there is mode IUloading,
Rice (1992) showed that the slip at the crack tip, ap [= 8(x) at x = 01 is given by
G = 4'(8i).

(6)

P U0,

in any solution which renders stationary the energy functional U, the total potential energy of a
slipped configuration per unit distance along the crack front. When 4 1p lies along the branch of
the curve labelled A in Figure 2, the instability state is one of locally minimum energy and
corresponds to a stable configuration of an incipient edge dislocation. When G reaches yus, an
instability occurs, and the dislocation is emitted. Note that for a given G less than Gmt (Gcrit =
yus in this simplified case of coincident crack and slip plane under mode U loading), additional
solutions exist. Points A, A", etc. correspond to stable incipient dislocations after one, two, etc.
dislocations have been emitted from the crack tip. When 8tplies along the portion labelled C,
the stationary state represents a saddle-pointconfiguration -- the slip distribution corresponding to
C is unstable due to the fact that the equilibrating load decreases as the distribution expands
outward. For a given applied energy release rate G < Gcrit (= yus) the activation energy is defined
as
(7)

AUa = U[8s(x)] - U[8min(x)],

where 3sad(x) denotes the solution for 8(x) having 8(0) [= 6tip] on branch C and Bmin(X) is
the solution on branch A. As mentioned earlier, the saddle configuration is first analyzed by
constraining the field to be two-dimensional, so that AUact is an energy per unit length.

3. DIRECT CALCULATION OF THE 2D ACTIVATION ENERGY

PER UNIT LENGTH AUat
The functional U giving energy of a 2D field per unit length along a crack front may be
written for a linear elastic solid under a mode 11 load as (Rice, 1992)
U[8(x)] = U0 f

s[8(x)] 8d(x) x-

() [8(x)] dx +

with
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Kn 8(x) dx,

(8)

S

]=

f(9)
2z (1-v)

The first term in Equation (8), Uo, denotes the energy of the unslipped solid, i.e., the energy of
the loaded solid when 8(x) is constained to zero. The second term is the energy gained on the
slip plane when 6(x) develops, and the remainder of the terms account for the energy change of
the material outside the slip plane and of the loading system due to the introduction of 8(x). The
functional s[8(x)] gives the amount by which the shear stress r decreases upon introduction of
the slip, with its "kernel" function [g//2n (1-v)})Ný / (x--) identified as the shear stress at
distance x due to a unit edge dislocation located at position 4 [see, e.g., Thomson (1986) or
Beltz (1992)]. Rendering Equation (8) stationary with respect to 8(x) yields the integral equaion
[) [K
s[6(x)],
(10)
-

which corresponds to enforcing stress equilibrium along the slip plane. Stable, or minimum
energy, solutions 8min(x) of Equation (10) have been determined numerically by Beltz and Rice
(1991, 1992) and Beltz (1992) in connection with the dislocation emission problem (i.e, in the
range where G and 8,p lie on branch A of the energy curve in Figure 2). Solutions are shown
as solid lines for Yus = Ab /2X2 and v = 0.3 in Figure 3a at various load levels up to instability. In
order to determine the saddle-point solutions, a second solution of Equation (10) must be
determined for each level of applied load. These solutions are found via the method used to
determine the stable solutions, except that initial guesses of 8(x) are used that are greaterthan the
solution corresponding to G = GCrit, and which have a 5tip given by the larger solution of
Equation (6). These solutions are shown as dashed lines in Figure 3a for the same values of G as
were used to determine the stable solutions, shown as solid lines. For more general conditions
than assumed here (e.g., slip plane inclined with respect to crack plane, screw and edge
components of emergent dislocation, tension-shear coupling, and mixed-mode loading, all as dealt
with in references cited above) Gcrit should be interpreted as the maximum G for which a stable
solution can be determired. Thus, while Gcrit = yus.in the specific case analyzed here we shall
generally phrase reults in terms of the ratio G/Gcrt, supposing them to be at least approximately
valid in those more general situations.
Inserting Equation (8) into Equation (7) and simplifying with the help of Equation (10) gives

the following expression for the 2D activation energy, which can be simply evaluated numerically
for a given pair 8mnu(x), and 8sad(x):

8

act
where $(8).

=

JoX)

J{[8=d(x)]-4$8m (x)]1dx 2 Kf

8

-08mix)

a (Y4mn(x)~x(1

0(8) - 80'(8) / 2. Evaluation of Equation (11) is carried out for yus = gb / 2X2 and

v = 0.3. As will be discussed later, the calculation is extremely insensitive to these values,
however. In Figure 4, the results are plotted as a function of applied load as a solid line. Table 1
shows the results for specific G values. The first column gives AUg (an energy per unit
dislocation length). The entry in each of the remaining columns gives an estimate of the 3D
activation energy AE obtained by writing AE = 7.5 b AUg (Le., assuming an activated dislocation
length of 7.5b), for a Shockley partial dislocation in copper, a full dislocation in iron, and a partial
dislocation in silicon. The AE estimated are listed in units of kT as evaluated at room temperature;
implications for thermally activated nucleation are discussed later in this paper.

4. ASYMPTOTIC CALCULATION OF THE 2D ACTIVATION ENERGY
In order to more simply evaluate the 2D activation energy near utical loading, and to provide
a basis for the 3D analysis to come, we present here an asymptotic calculation of the activation
energy per unit length, good for small deviations of the applied load from the critical load for
emission. The method proceeds via a perturbation analysis of the shear distribution. It is useful to
regard a given shear profile, satisfying Equation (10), as being a function of x and of 6tip, i.e.,
8 = 8(x; Stip). Note that a pair of Stip values corresponds to a given G (less than Gcrit) by
Equation (6), and Figure 2, so one 6(x; 8 tip) is Smin(x) and the other is 6 sad(X). Suppose 8 =
f(x) is the shear profile at instability (G = Gcrit); in the case of a mode H shear crack with the
Frenkel form, f(x) = 8(x; b/2), which corresponds to the last solid line in Figure 3a. If the applied
energy release rate G is slightly less than Gcrit, the shear distribution may be written as
8(x) = f(x) + eg(x),
(12)
where c = Sip - b/2 characterizes the extent of the perturbation and g(x) is defined by
[8(x;

8[ip)a

)LýMp

(13)

Su = b/2

Note that r has units of length and g(x) is dimensionless. A relation satisfied by the function
g(x) may be determined by differentiating Equation (10) with respect to 3tip and evaluating for
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The incipient profile (8 a(s)) is, as before, modeled here as a continuous distribution of an
individual dislocation at location s of an infinitesimal Burgers vector

ds], which in turn

will exert stresses aa (r) = gaLp (r, s; 0) [( ds] on a point r along the slip plane via the
linear elastic medium. Therefore, the Green's functions gap (r, s; 0) so defined can be obtained by
solutions of a line dislocation with the crack tip in the anisotropic linear elastic medium. Some
details are presented in the Appendix. The force balance at a point r along the slip plane gives the
equations of equilibrium:

[8(r)]

=

0a (r) + 00 gap (r, s,O) [ d8p(s) ds]

(34)

where, (a, [ = (r, 0, z), but also denoted as (1, 2, 3)), the same as the convention used in
previous section, and coa (r), the unrelaxed stress from the crack loading Ka , are given as o
(r) = Fap (0) Kp / f2-'-t , as before. The summations over repeated indices are also used here.
The term aqa [8, (r)] is the lattice restoring shear and tension stresses against the
displacement discontinuities across the slip plane at point r, with which a potential 0 [8 a (r)] is
associated, such that
[5
(r[8(r)] '
(35)
08a(r)
oe, W0(r)]
Equations (34) and (35) constitute a complete set of equations, which can be solved jointly.
We inquire about properties of the Green's functions gap (r, s; 0). It can be shown that
+ h;(r / s, 0)]
(36)
r-s
where the following properties of the function hap (t, 0) are of interest: First,
halp (1, 9) = 0.
(37)
in order to have proper stress fields in the linear elastic medium near the dislocation point s.
Furthermore, the Rice-Thomson image force theorem for a dislocation line at a crack tip implies
that
ahap (t = 1, 0) / at is antisymmetrical for indices ax and J3, i.e.,
(38)

g_ SIa)

4 xr
I

_

ahrr (t= 1, 0)/at =0,
ahee (t= 1,0)/at=o,

&hzz (t =1, 0)/at =0,

ahro (t = 1,0)/ at + aher (t = 1,0) / at = 0,
ahrz (t = 1,0)/ at + ahzr (t = 1,0)/ at= 0,
ahoz (t = 1,0) / at + ahoz (t = 1,0) / at = 0.
These two conditions by Eq. (37) and (38) are trivially satisfied for 0 = 0, that is, hap (r /s,0) =
0. Proof of the two theorems about the stress functions gap (r, s; 0) is presented in the Appendix.
We also apply the constrained slip path approximation here. Let the slip be constrained to be
along the direction s (the same as b) that makes an angle 0 with the r axis in the slip plane, 8 a (r)
= [8 s (r) cos 0, 8 e (r), 8S (r) sin 0] and the stress 'C= GOr cos 0 + G0 z sin 0 and a = a 0 0 . As
before, we seek the condition under which the profile becomes unstable, after which a dislocation
line of a finite edge component emerges and moves away from the crack tip until being stopped by
the lattice resistance, the Peierls stress up, or by interactions with distant dislocations, etc. We
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obtain the
5 (r),

lowing equations,

8(r)] =

"if

-

foe

(rs;0,0)

112 (r,s;xo) d8e (s)

( ds -

(39)
Of85 ~r). 80 (r)J

-

~ Jods

2u (r,s;0,0) d

ds -

g22 (r,s;0,0) d8es
(

Jocs,

(40)
whereK
2r

q

=-mY

[ cos

o0r (r,O)+ sin co
0

(r.") "F2p (O)Kp.

(r, 0)] = s,(O) Fa (0) Kp,

and

Ke =

Theseare defined for the singarsesses4or, oO and_ aOat

the crack tip under external loading before the emergence of the incipient profile. The g1, g12 , g2 1
and g22 are the stress functions of a straight dislocation at a crack tip: g, I (r, s; 0) = s,(O) _gap (r,
s; 0) so(*)),
g 12 (r, s; 0) = sa(0) ga2 (r, S; 0), g 2 1 (r, s; 0) = g2. (r, s; 0) s,(O) and g22 (r,

s; 0) = g22 (r, s; 0). All of these terms and functions can be obtained from the singular field of a
loaded crack tip and solution of a dislocation near a crack tip using the anisotropic elasticity

formulation; see e.g., Atkinson (1966), Asaro (1975), and Suo (1989).
The terms '[f8(r), 8o(r)] and a[8s(r), 80 (r)] are lattice restoring shear and tension sutesses
against the displ
t discontinuities across the slip plane; a potential O[8s(r), 80 (r)] is assumed
to exist, such that

=Ss(r)]
)] =80(r
a~s(r)

'(1

G(8s(r), 89 (r)] F= a0[rs(r),
o(r)89(r)]

(42)

Modeling of the constitutive law 0[8,(r), 80 (r)] from embedded atom method results for Ni, Al,
and Ni3 Al and Fe, from sourxes noted above, and from density functional studies of Si by Kaxiras
and Duesbery (1993), Duesbery et aL (1990) and Huang et al. (1991) and Huang (1992) has been
provided in Sun, Beltz and Rice (1993) and Rice, Beltz and Sun (1992), and Sun (1993). The
same potential from such atomic models is used here. The analytical representations of the stresses
and the potentials can be found in Beltz and Rice (1991), Rice, Beltz and Sun (1992) and Sun,
Beltz and Rice (1993). Equations (39), (40), (41), and (4*2) constirate a complete set of equations,
which can be solved jointly to determine the critical loading and corresponding incipient
configuration, see references cited in the previous sentence. The solutions are obtainable by
numerical methods, by use of Newton-Raphson method and Chebyshev polynomials of the second
kind [for reference see, e.g., Erdogan (1975) and Erdogan and Gupta (1972)].
2. The shear-only model
In the shear-only model, where only the slip displacements and shear stress are considered,
there xists a simpler set of equations,
(r)K1

Kf0
-f

(r,s;0,0) d8s•() ds".

1ds

(43)

Eqmuaion (43) is aed

by a sinusoidal law

,c(,s) - (x "yu / b) sin (2xAs /b),

(44)

where A. is the relative atomic sliding displacement between the two adjacent slipping atomic

layers, which is related to B., the displacement discontinuity across the slip plane by
8s f As - (b / 2s) sin (22tAs / b).

(45)

V EXACT RESULTS AND CONCLUSIONS
'mficance
of anisanoi_ c elasdcity
While the conceptual framework is established by the isotropic elasticity formulation [Rice,
1992; Rice, Beltz and Sun, 1992; Sun, Beltz and Rice, 1993], the importance of the anisotropic
formulation is illustrated as follows.
The anisotropic effect is surveyed initially in three parts. It appears in the angular
dependence of the singular shear sress a0g (r, 0) near a crack tip under pure tensile loading, i.e.,
F 12 (0) in previous notation. In isotropic elasticity, F12 (O)= cos 2 (0/2) sin (0/2), corresponding to
the dashed curves in Fig. 4, 5, 6 and 7 for reference. Let us choose a crack growing in [010],
with crack front along (100] and crack planes on (001) planes, labeled Crack A. Figures 4 and 5
show the comparison and contrast of anisotropy with isotropy. We see that the anisotropy results
have significantly different shapes from the isotropic ones, more so in bcc than fcc. Also, Figs. 6
and 7 show results for EAM Fe crack orientations, Crack B, with [7110]-[(001]-[I 11], and Crack C
[011 ]-[01]-[ 10], where the first vector is the crack direction, the second is the crack plane
normal and the third is the crack fronL
Figure 8 shows that the function gI (r, s; 0) b, which contributes to the expression for FO.
(r), and is the key function in the shear-only model, in the anisotropic EAM Fe, in Crack A; the
slip plane is tilted so that 0 - 45. The figure shows the Cauchy singularity (I/x) as implied by
Eq. (36). It is seen that a similar shape of the function results for anisotropy and isotropy
f
ans, though their numerical values are not identical, as anticipated.
Finally, the critical loading Gd as determined in the shear-only model is shown in Fig. 9 as a
function of inclination angle 0 of the slip plane, in anisotropic and isotropic formulations for EAM
Fe in Crack A under pure mode I loading and of pure edge character. The anisotropic effect is
I. Th

numerically significant; it differs from the curve obtained in isotropic elasticity, which can
overestimate or underestimate the anisotropic results, depending on e.
2. A am= of aiwopi effects on critical loadina
Consider the case such that the slip is in a plane coplanar with crack planes, and has only
edge components. The critical loading Gd for dislocation emission is equal to yes in the shear-only
model, as aforementioned. The tension effect on dislocation emission in Model A, using
anisotropic elasticity with EAM Fe, is analyzed by varying the amount of tensile loading with
respect to shear loading, V = arctan (KIV/KI). Fig. 10 shows the results. The critical Gd(,#) in the
isotropic formulation, taken from Fig. 3.2(b) of Sun, Beltz and Rice (1993), accompanies those in
the anisotropic formulation. It shows that by the proper treatment of anisotropic effects, the two
formulations render almost the same results in the tension-shear coupling model. That seems more
general than the following case: It was shown in Section III, in the case of orthotropic crack and
coplanar crack and slip planes, both formulations would predict the same G value for edge
dislocation emission in the shear-only model. As in Sun, Beltz and Rice (1993) with the isotropic
elasticity, the combined tension-shear model is fitted by the modified shear-only model, which
12

uses the tension reduced yus (W), namely,
Gd(W) = Yus(W) / sin 2 W.
(46)
where 'Y,,(V) = Y - . [-,(u)r)](r n2I- W) for tension reduction. The modified shear-only
model gives a good description. The same a coefficient applies to both anisotropic and isotropic
results. For EAM Fe, a is 0.841.
For further illustration of anisotropic effects, imagine a tilted slip plane making an inclination
angle 0 with the crack plane. The crack is loaded in pure mode I. We present results for crack
orientations A, B and C in bcc EAM-Fe. Here the angle 0 ranges from 40' to 120" and angle ý =
0. Of course, these (0, ý) angles may not be the actual inclination and screw/edge mixing angles
for a slip system in the crack orientation model A, B and C; we merely intend to show the
dependence of the critical loading Gd upon anisotropic medium effects. The critical loading as a
function of inclination angle 0, expressed as Gd as determined in the combined tension-shear
model (labeled o.--), shear-only model (labeled c) and effective shear intensity factor model in the
anisotropic elasticity formulation for model A is shown in Fig. 11, Crack B in Fig. 12 and C in
Fig. 13. The effective stress approximation gives a good description of the general shape,
although it overestimates the loading by about 20%, compared to the numerical results of the
shear-only model. The combined tension and shear model further reduces the loading by 10 to
15%.
3. The recia
for a rough estimate
From the above discussions, we have a procedure for calibrating the effective stress intensity
factor method on the basis of exact numerical solutions to account for tension-shear coupling. Let
the critical stress intensity factor Kd as estimated from the effective method, be multiplied by a
factor 11 so as to equal the shear-only I%. The T} factor ranges from 0.86 to 0.95. The tensionshear coupling is handled by the tension reduced yus(W) value, which was treated in Sun, Beltz
and Rice (1993), though in isotropic formulations. We showed that this tension-reduced unstable
stacking energy is valid for EAM Ni, Al, Fe and Ni 3Al, but less well for DFT/LDA Si. We expect
that it will work equally well in the anisotropic formulation.
We can summarize individually for each common crack orientation and the easiest slip system
(Le., 0, * angles) that are listed in Table 1. The critical loading for dislocation emission under
mode I loading is summarized in Table 2, as determined by the three methods. The critical
condition under pure mode I loading, was determined via the numerical procedure, in the shearonly model and the effective model. By comparing the two solutions for the same situation, we
can obtain the il coefficient for each orientation, and slip system (i.e., 0, 0 angles). Here we
assume that the coefficient rl is unique for each set of 0 and 4 angles, which approximately holds
true for every material. The tension-shear coupling would, as we expect, reduce the loading at the
critical condition, the results are also presented in Table 2. As for the tension-shear coupling, we
use the ideas presented in Sun, Beltz and Rice (1993) developed from the isotropic elasticity
formulation. The tension reduced yus according to the phase angle V is
Yus()
0 - a [y(u)
W y-W ] (x/2 - V)
(47)

where the phase angle is for the effective shear versus tensile stress intensity
V = arctan (K., /KO).
(48)
The coefficient at is from Sun, Beltz and Rice (1993) for tension-shear coupling. It is different for
each EAM material and slip system. In particular, a has the values 1.323, 1.145, 0.969 and 0.841
for the Ni, Al, Ni 3AI and Fe as modeled by EAM, respectively. For DFT/LDA Si, the a for the
glide set, is determined to be 7.249. For the shuffle set, it is interesting to note that p is negative.
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The a for the shuffle set isdetermined to be -2.234; note that the a coefficient is negative since p
is. As for EAM Fe, on the twinning slip system (1/2) [111] (211), we simply take it as obtained
for the usual slip system 1/2) [111] (0T71), i.e., 0.841. Such estimates give good results, within a
few percent for G under pure mode 1.
We accordingly give the procedure for a rudimentary estimate of the critical loading for

dislocation emission from a crack tip:
(A) Find the effective stress intensity factor for r-O-z coordinates via a tensor transformation, so as
to find the Kv and K, under general loading (KI, Kn, K111), and then the phase angle w.
(B) Find the tension reduced yu (W)according to Eq. (47).
(C) Apply the calibrated equation for the critical condition, use the appropriate il coefficient.

V. = 11 r

-Ys

(49)

This procedure gives an estimated error within the range ± 7% in Gd when applied to typical cases.
As can be seen in Table 2, the parameter Tl is of about the same value in different materials
for each crack orientation and (0, *) angle. For example, regarding emission of the first Shockley
partial in Crack D (54.7, 60%), the rTis about 0.954; in Crack E (54.7", 60%), 0.968 for IU-Ni, INi, AL, Ni3 Al and Si (glide set).
4. Conclusion and sunmm
The meaning of the critical loading for dislocation emission from a crack tip given in Table 2
can be elucidated by comparing with available atomistic simulations of loaded crack tips of EAM
Fe [Cheung et aL, 1990] and EAM Al [Hoagland et al., 1990]. It is also useful to compare to the
Griffith cleavage for crack extension when Gc = 2 ys, so as to predict the intrinsic ductile versus
brittle response.
The critical loading for each crack orientation and material listed in Table 2 is compared with
those based on the isotropic formulations in Table 4 of Sun, Beltz and Rice (1993).
For Crack A in EAM Fe, for which the usual slip system consists of 0 = 45" and =5.3
the anisotropic G is 2.4 times the isotropic one in the shear-only model; in the combined tensionshear model, even the instability is different in that the anisotropic model gives crack branching
while the isotropic mode gives dislocation emission. The two G's are similar, though. For crack
B, the combined tension-shear G's for dislocation emission in the anisotropic formulation are 40 %
less than the isotropic equivalent; For Crack C, the anisotropic G is 2.4 times the isotropic G.
Therefore, the anisotropic formulation is essential for a-Fe.
For fcc materials, the G's in the two formulations are about 10% to 25% different, including
both the shear-only and tension-shear coupled model. To illustrate that the anisotropic formulation
can matter even for the smaller differences, we present detailed results for Ni 3 Al in two crack
orientations under mode I loading.
The mechanics problem of dislocation nucleation at a crack tip based on Peierls concept is set
up in the anisotropic formulation with C11 = 2.516 x 1011 Pa, C 12 = 1.370 x 1011 Pa and C4 =
1.262 x 1011 Pa, which are the fitted elastic moduli via the EAM functions. The corresponding
problem in the isotropic formulation is set up with the Voigt averaged elastic moduli of the three
elastic constants, A = (C1 1 - C12 + 3 C44) / 5 = 0.9864 x 1011 Pa,. X= (C11 + 4 C 12 - 2 C44) / 5
= 1.094 x 1011 Pa, and the corresponding Poisson ratio v is 0.263. The results of the two types

of formulation will be compared.
On the other hand, for crack extension under pure mode I, the critical loading can be
determined by the Griffith condition, i.e., Gc = Ysl + 1s2, for cleaving the perfect crystal plane,
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where Y.1 and fs2 are the surface energies of the two cleaved surfaces; expressed in terms of the
crack extension force, the cleavage condition is the same for both anisotropic and isotropic

elasticity.
We treat two crack orientations, D and E, in Ni3 Al. For crack tip orientation D with (001)
crack plane, growing along [(10], with a [1101 front, the slip plane is (lll), and therefore the
inclination angle 0 - 54.7". The first Shockley partial that is emitted would correspond to 0 = 60".
In the shear-only model, the solution of the critical condition in the anisotropic formulation and
with the sinusoidal law gives the Gd / yus = 28.43. Using the isotropic formulation, the shear-only
model gives Gd / "us - 22.79. Here, the isotropic approximation gives a 19.9 % discrepancy. Gc
for crack orientation D equals 3.51 J/m 2 , while Gd is, using the relaxed value of 0.315 J/m 2 for
"y., equal to 8.96 J/m 2 under the anisotropic treatment. Because Gd is much larger than Gc, the
(001) cracks are brittle. The isotropic treatment gives Gd equal to 7.18 J/m 2 , and thus predicts that
the (001) cracks are brittle.
In the tension-shear coupled model, the critical condition for dislocation emission from Crack
D in the anisotropic formulation is that Gd = 5.59 J/m 2 with the tension-shear coupled law for the
first Shockley partial slip as determined in Sun, Beltz and Rice (1993) for Ni 3A1. Hence, Crack D
is predicted to be brittle for emission of the first Shockley partial. In the isotropic formulation, Gd
= 5.77 J/m2 , which is greater than Gc . Hence, the isotropic formulation gives a 3.2 %
discrepancy from the anisotropic, and also predicts that (001) cracks growing along <110> are in
a brittle crack orientation. The Gd values cited are close enough to Gc that thermal activation would
be an important factor, allowing nucleation when Gd = G€.
Crack tip orientation E, with a (110) crack plane, growing along [001], with a [ 10] front, is
associated with the slip plane is (ITI) slip plane and so the inclination angle 0 is 35.3'. The first
Shockley partial that is emitted would correspond to 0 = 0" here. In the shear-only model,
anisotropic formulation, the solution of the critical condition gives the Gd / IYus = 10.39, so Gd IS
3.27 J/m 2 . For crack E to extend, Gc is 3.65 J/m 2 . Because Gd is lower than Gc, the (110)
cracks growing along <001> are ductile. However, using the isotropic formulation, Gd / Yus =
12.21, which means that Gd is 3.85 J/m 2 and is greater than Gc for cleavage. Here, the isotropic
formulation not only gives a 17.5 % discrepancy to the anisotropic but also predicts that Crack E is
brittle, which is contrary to the anisotropic prediction.
To differentiate the similar critical loading conditions for dislocation emission and cleavage in
this case, the results as treated in the tension-shear coupled model are also presented. In the
anisotropic formulation, Gd = 2.60 J/m 2 with the tension-shear coupled law for the first Shockley
partial slip; hence, Crack E is predicted to be ductile for emission of the first Shockley partial. The
isotropic formulation gives Gd = 3.025 J/m 2 , which is less than Gc . Here, the isotropic
formulation gives a 16.3 % discrepancy, and also predicts that ( 110) cracks growing along <001>
are ductile.
As we might expect to be the general trend, the bcc structure is more anisotropic than the fcc
structure (including Ni, Al, Ni 3 Al and Si). The difference in the critical G for bcc materials
between isotropic and anisotropic formulations is larger than in fcc materials. Such differences
should correlate with the anisotropic factors of these materials,.2 C" / (CII - C12 ), which are
7.00 for Fe, 3.24, 3.01 and 2.20 for Ni, Al and Ni 3Al, and, 1.56 for Si (the smallest).
In the tension-shear model, the two formulations may present different instability modes of
either dislocation nucleation or crack branching, as described above for a-Fe and Ni 3 AI. The
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anisotropic G's may be less or greater than the isotropic correspondents. For EAM a-Fe, the
anisoropic formulation results are 2.4 times the isotropic ones in Crack C, similarly in the effective
app
tion model, the shear-only and tension-shear coupled model; in Crack A, the anisotropic
formulation values are again 2.4 times the isotropic ones in the effective approximate model and
shear-only model. But in Crack B, the anisotropic formulation results are 40 % less than the
isotropic ones, similarly in the effective approximation model, the shear-only and tension-shear
coupled model and tension-shear coupled model. In the fcc lattices, Ni, Al and Ni 3A1, we
conclude that the two formulations give results with a difference in the range of 10 to 25%. For
DFT-LDA Si, both the glide and shuffle slip systems, the two formulations are very similar, the
difference in the critical G is less than 14%. In the tension-shear coupled model, the two
formulations give the same instability for dislocation emission or crack branching, and the
difference is less than 4%. We may conclude that for Si, the isotropic formulation is a good
approximation. It would consequently support the use of isotropic formulation in the analysis of
activation energy for dislocation emission in Si by Rice and Beltz (1994) and Beltz and Rice
(1994).
VI THE CASE WHEN IN-PLANE AND ANTI-PLANE ELASTICITY IS COUPLED
So far, we assumed that the z axis along the crack front is perpendicular to a mirror plane for
the lattice., so that the in-plane field quantities are decoupled from the anti-plane ones. If this were
not true, the assumption is only good as an approximation. For the exact method of treatment for
the coupled case, see Stroh (1958), Asaro and Barnett (1972) and Suo (1989).
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APPENDIX
DISLOCATION AND CRACK TIP INTERACTIONS IN AN ANISOTROPIC
ELASTIC MEDIUM
As mentioned in Chapter Four, we need the function Fap(r, s, 0) and ga(r, s, 0) for the
crack problem. The stress distribution around the tip in an anisotropic medium without a
dislocation and with one has been solved, originally by Stroh (1958), Atkinson (1966), Barnett
and Asaro (1972), Asaro (1975) and summarized by Suo (1989) using the stress function method.
Here, we prove two elegant theorems about the function ga(r, s, 0). The scenario is illustrated in
Fig&14. Suppose a dislocation of Burgers vector b5 is located at (s, e) in polar coordinate system
from the crack tip. The local polar coordinate system at the dislocation core is (p, 0)).
Near the dislocation, the stress oij(p, co) behaves like 1/p. From Rice (1985), we deduce
tha,
hk(O) cyki(P, c)

,pis small,
(50)
4xt P
where h.(ca) is the unit vector in the direction of increasing co. Note that the right hand side of
Eq. (50) is independent of co, which results from the equation of stress equilibrium. The indices i
and j are those of tensors. Therefore, we can transform from (x, y, z) denoted as Latin letters
coordinate system to (r, 0, z) as in Greek indices a and 13
by tensor transformation, by a rotation
of angle 0 around the z axis. We obtain that, taking 0 equal to O,
p is small,

-L
6) = 4700

(51)

From the Aktinson (1966) solution and Suo (1989) treatment of a dislocation interacting with
a crack tip in an anisotropic medium, we can show that when the dislocation lies in front of the
crack tip and in the crack plane, i.e., 0 = 0, the stress a 2 i(r) ahead of the crack tip and in the plane
is,
-j
S2i(r) b
4xvi
r r-s
From Eq. (52) we can deduce that the stress intensity factors induced by the dislocation are
Ki = _
I
A-I j(3

2f

(52)

sijA

where, i = 1, 2, and 3 for mode II, I and Il, which was given by Rice (1985). We also observe

that Eq. (52) satisfies Eq. (51).
For a dislocation lying in the inclined slip plane as shown in Fig. 14, we write the
generalization of (52) as,
r-- r.(0))-I
08.
0) Wgmo(r, s; 0) b1 =[A
+h(rr / , )] 1,(54)
4Kx
r
r- s
In order to satisfy Eq. (51) when p = r- s is small, we demand that,
hato(t = 1, 0) = 0, for r = s,
(55)
in order to have proper stress fields in the linear elastic medium near the dislocation point s.
Furthermore, the Rice-Thomson image force theorem (1974), which was generalized by Asaro
(1975) to anisotropic elasticity, and further generalized by Rice (1985) to the sector-wise different
anisotropic elasticities at a crack tip, for a dislocation line at a crack tip implies that
20

aho(t = 1, 0) / at is antisymmeuical for indices a and P.
(56)
Eq. (56) is proven next. We point out that Eq. (55) and (56) are generalizations from isotropic
results deduced by Rice (private communication, 1992).
From Rice (1985), the attraction force received by the dislocation should be
fr= bi Aijb j =b
A
b
(57)
8 xs
8its
We can obtain the image force fr by the following procedure. Consider the stress field of Eq. (54)
and decompose it into the field of a dislocation in an uncracked crystal, plus another term which is
bounded at the dislocation. That other term, evaluated at r = s and multiplied by ba, gives the
Peach-Koehler force, which must be consistent with Eq. (57). Thus we establish that
ba ahao (t = 1, O) / at bo = 0,
(58)
which is equivalent to Eq. (56). We have omitted the details.
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Table 1. The crck and slip syuems
laice

crack model

xl-x 2 -x3 , crack coord.

slip system

boc

A

[010]-[001]-[100]

(1/2) [1111 (011)

boc

B

[TIO]-[001]-[110]

(1/2) [11T] (T10)

boc

C

[011]-[0O1]-[l00]

(1/2) [1ITl] (011)

fcC
fcC
ftC
fcc

D
E
F
G

[T'10]-[001]-[110]
[001]-tT10]-[110]
[1111-[1101-[112]
[1T2]-[t]11]-[110]

(1/6)
(1/6)
(1/6)
(1/6)
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[121]
(112]
[2T1]
[(112]

(111)
(T111)
(1IT)
(-111)

Table 2. Critical loading Gd / yu for dislocation emission from an anisonopic crack under mode I
loading.

mat.

crck orient.

(0,

Oin)

eff

T

i-r
n recipe

Fe

A

(-45, 35.3)

29.96

27.40

10.58(C)

0.9577

Fe

B

(-90, 54.7)

11.85

9.144

8.106

0.8785

Fe

C

(-90, 35.3)

23.80

19.48

17.75

0.9058

Ni

D

(54.7, 60)

32.02

29.06

22.09

0.9528

Ni

E

(35.3, 0)

10.48

9.92

8.103

0.9720

Al

D

(54.7, 60)

28.40

25.72

19.85

0.9518

Al

E

(35.3, 0)

11.54

10.89

8.705

0.9716

Al

Ft

(90, 30)

10.71

8.315

7.664

0.8813

Ni3 AI

D

(54.7, 60)

30.27

28.43

17.91(C)

0.9557

Ni 3AI

E

(35.3, 0)

11.05

10.40

8.342

0.9698

Si, glide

D

(54.7, 60)

29.13

26.70

2.959(C)

0.9574

Si, glide

E

(35.3, 0)

11.66

10.89

2.041(C)

0.9665

Si, glide

Ft

(90, 30)

10.27

7.879

5.784

0.8758

Si, glide

Gt

(70.5, 0)

6.521

5.253

3.226

0.8975

Si, glide

Gt

(70.5, 60)

20.56

17.97

4.729(C)

0.9348

Si, shuffle

D

(54.7, 30)

11.26

9.560

2.642(C)

0.9213

Si, shuffle

E

(35.3, 30)

14.54

13.69

1.979(C)

0.9702
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Si, shuffle

Ft

(90, 0)

8.243

6.166

6.345

0.8649

Si, shuffle

Gt

(70.5, 30)

8.082

6.669

3.882(C)

0.9084

t: the in-plane elasticity is taken to be decoupled from the anti-plane elasticity to simplify the
Meannent, which is only approximate.
(C): the instability may correspond to decohesion along the inclined slip plane rather than
dislocation emission.
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Figure Captions
Fig. I
A semi-infinite crack tip is shear loaded by KII, while an incipient shear zone of edge
character on the coplanar plane with the crack relieves the singular shear stress field. Jintegrals are evaluated along the far and slit paths.

Fig. 2

The periodic relation of shear stress (solid curve) and its associated potential (dashed
curve) versus the slip displacement within the Peierls concept. Each is scaled by its
maximum; the displacement by b.

Fig. 3

An incipient dislocation, represented by a distribution of sliding and opening
displacements, develops along a tilted slip plane at angle e with respect to the crack
plane, in response to the mixed loading KII and KI.

Fig. 4

The angular distribution of the singular shear stress agr (r, 0) 127 I KI = F, 2(0) near
Crack tip A under mode I loading in EAM Fe, anisotropic versus isotropic formulations.

Fig. 5

The angular distribution of the singular shear stress ogr (r, 0) v'i 7 / KI = F12(0) near
Crack tip A under mode I loading in EAM Al, anisotropic versus isotropic formulations.

Fig. 6

The angular distribution of the sipgular shear stress aOr (r, 0) 42 -r / K, = F12(0) near
Crack tip B under mode I loading in EAM Fe, anisotropic versus isotropic formulations.

Fig. 7

The angular distribution of the singular shear stress aor (r, 0) 1xr / KI = F12(0) near
Crack tip C under mode I loading in EAM Fe, anisotropic versus isotropic formulations.

Fig. 8

The distribution of the stress a~r (r, 0) mg I(r, s, 0) b produced by an edge dibsocation
of Burgers vector b located at s = 5 b on a 45" tilted slip plane in Crack tip A, anisotropic
versus isotropic formulations.

Fig. 9

The critical load Gd as a function of inclination angle 0 for dislocation emission from
Crack A in EAM Fe under mode I loading as determined in the shear-only model,
anisotropic versus isotropic formulations.

Fig. 10 The critical load Gd as a function of the phase angle Wvof loading for edge dislocation
emission from Crack A in EAM Fe on a coplanar slip plane, as determined in the tensionshear coupled model, anisotropic versus isotropic formulations. Fitting by the isotropic
shear-only model with the tension reduced unstable stacking energy tus (v) is also
shown is.
Fig. 11 The critical loading Gd as a function of the inclination angle 0 for edge dislocation
emission from Crack A in EAM Fe under mode I loading, as determined in the effective
approximation, shear-only and tension-shear coupled model (scaled by y,(u), anisotropic
formulations.
Fig. 12 The critical loading Gd as a function of the inclination angle 0 for edge dislocation

25

emission from Crack B in EAM Fe under mode I loading, as determined in the effective
approoimation, shear-only and tension-shear coupled model (scaled by y~u)), anisoroic
fotmulaions.
Fig. 13 The critical loading Gd as a function of the inclination angle 0 for edge dislocation
emission from Crack C in EAM Fe under mode I loading, as determined in the effective
approximation, shear-only and tension-shear coupled model (scaled by y,(u), anisotropic
formulations.
Fig. 14 A dislocation interacting with crack tip in an anisotropic medium.
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Fig. 14 A dislocation interacting with a crack tip in an anisotrpic medium.

