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Executive Summary

The overall objective of this program was to provide a fundamental understanding of the
processing science and technology necessary to fabricate ceramic-matrix, intermetallic-matrix,
and metal-matrix composites with superior mechanical properties in high temperature and
oxidizing environments. The composites are intended for use as structural materials for
advanced aerospace applications at temperatures exceeding 1200°C (2200°F).

In order to accomplish the program objective, interactive research groups were established
in three key area of (a) Fiber Fabrication, (b) Coatings and Infiltration, and (c) Composite
Fabrication. The objective of the fiber fabrication group was to develop new fibers which
have superior strength and toughness at high temperatures and in oxidizing environments.
The research effort focused on the development of two types of fibers: (1) glass-free mullite-
based fibers, and (2) oxygen-free silicon carbide fibers. The coatings program had two
primary objectives: (1) to control the characteristics of matrix/reinforcing phase interfaces
(e.g., to control chemical ieacuions and bonding at a matrix/fiber interface) and (2) to
develop coatings that will improve the oxidation resistance of metal-matrix and intermetallic-
matrix composites. Coatings methods utilized included chemical vapor deposition, scl-gel
processing, and solution coating with polymeric precursors to ceramics.

The composite fabrication group investigated various methods to incorporate reinforcing
phases (i.e., fibers, whiskers, and particulates) into ceramic-, metal-, and intermetallic-
matrices. Processing methods investigated included colloidal processing, chemical vapor
infiltration, reactive hot-compaction and in situ coating, and microwave sintering. The
objectives were not only to utilize innovative processing techniques, but also to develop an
improved scientific understanding of processing-microstructure relationships in composites
fabrication.

This annual report consists of seven sections compiled in three books as described below:

Book 1
Section 1 Processing and Properties of Silicon Carbide Fibers
Principal Investigators: C.D. Batich
M.D. Sacks

Section 2 Processing of Mullite Composite Fibers
Principal Investigators: A.B. Brennan
J.H. Simmons

Section 3 Chemical Vapor Deposition (CVD) and Chemical Vapor
Infiltration (CVI)
Principal Investigator: T. Anderson




Book II

Book III

Section 1

Section 2

Section 1

Section 2

Processing and Properties of Intermetallic Matrix Composites
Principal Investigator: R. Abbaschian

Mechanical Alloying of MoSi,

Principal Investigator: M.J. Kaufman
Processing of Ceramic Matrix Composites
Principal Investigator: M.D. Sacks

Processing of BaO-Al,0,-2Si0, Fibers.
Principal Investigator: D.E. Clark
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Section 1

Processing and Properties
of

Intermetallic Matrix Composites

Principal Investigator: R. Abbaschian




Processing and Properties
of
Intermetallic Matrix Composites

Principal Investigator: R. Abbaschian

Objectives

The overall objective of this program is to develop intermetallic-matrix composites for
structural application above 1200°C. The development of intermetallic-matrix composites
is motivated by their inherent useful properties such as excellent oxidation resistance, high
melting points and relatively low densities. The main disadvantages of intermetallics are
poor fracture toughness at ambient temperature and low creep resistance and strength at
high temperatures. It is expected that their inherent advantages can be effectively utilized
via artificial compositing. The approaches used are to improve fracture toughness via
ductile phase toughening, and to increase the creep resistance and strength via high strength
ceramic reinforcements such as SiC whiskers. Two classes of alloys have been selected for
investigation: (1) molybdenum disilicide (MoS1,, and (2) Nb-based aluminides with the
major focus on NbAl,.

Research Summary

To achieve the goal of this program, the present investigation has been carried out in three
stages: (1) Developing a coating technique to prevent the deleterious interactions between
ductile reinforcements and the brittle matrices; (2) Evaluating the effects of size,
morphology and orientation of ductile phases, and thc matrix/ductile reinforcement
interface on the toughness of brittle matrix composites, modeling these effects, and providing
guidelines for the design of ductile-phase-reinforced composites. The evaluation of ductile-
phase-toughening is only carried out in MoSi, matrix composites because it is believed that
the general rules disclosed would also be suitable for other ductile-phase-toughened brittle
matrix composites; (3) Incorporating SiC whiskers into the brittle matrices to improve high
temperature strength and creep resistance, and at the same time to tailor the thermal
expansion coefficient of the matrices to enhance ductile phase toughening. The specific
results are summarized below and further information is provided in the attached
publications.

MoSi, Matrix Composites

Niobium filaments and plates have been chosen as a ductile reinforcement in the
present study because its thermal expansion coefficient is closest to that of MoSi,,
and it also has a high melting temperature. For controlling the matrix/reinforcement




interaction, chemical compatibilities of various potential coating matcrials (mullite,
Al,O,;, and ZrO,) with MoSi, and Nb were studied via microstructural and
compositional anaiyses [1,2]. Based on these analyses, Al,0; was chosen as the final
diffusion barrier coating because it is chemically compatible with both MoSi, and Nb,
and it also has a thermal expansion coefficient close to those of both the matrix and
reinforcement.

The techniques investigated in the present study to produce Al,O, coating on Nb
surface included (1) sol-gel processing; (2) physical vapor deposition; (3) hot dipping
the reinforcement in molten aluminum, followed by anodizing Al to form Al,O,. The
process control parameters for the techniques and the effectiveness of the coatings
as a diffusion barrier were evaluated [3]. The results indicated that a thick and
dense Al,O, coating is necessary and effective in eliminating the interactions between
Nb and the matrix of commercially pure MoSi,. The results also showed that the
best coating is provided with physical vapor deposition, followed by sol-gel technique.

Effects of the matrix/reinforcement interface, the mechanical properties and size of
the ductile phase on the flow behavior of constrained ductile phase were evaluated
[4-7]). Based on the observations from the tensile tests on a single Nb lamina
imbedded in MoSi, matrix, an approximate model was proposed which gave insight
into the influence of yield strength, work hardening, matrix/reinforcement interfacial
bonding strength and size of the ductile reinforcement on the flow behavior. The
flow behavior of the constrained ductile phases was related to the g\fracture
toughness of composites via small-scale-bridging model, and the major conclusions
are: toughness of composites is enhanced by a relatively weak bond at the
matrix/reinforcement interface, by large size of ductile reinforcements, and by a
ductile phase with a high yield strength and high work hardening rate [5,7]. The
developed stress-displacement function has also been used to calculate the bridging
stress across the crack surface in a large-scale-bridging model proposed in the present
study [8].

The role of the matrix/reinforcement interface in the fracture toughness of
MoSi,/Nb composites has been assessed via four-point bend tests on chevron notched
specimens [9]. Variation of the interfacial bonding was obtained by depositing
different oxide coatings (Al,O0; and ZrO,) or by the development of a reaction
product layer between the matrix and reinforcement. Measurement of fracture
energy (bond toughness) of the interfaces was carried out on chevron notched short
bar [9,10]. It has been established that whether or not a strong interfacial bonding
is conducive to toughness depended on the criterion used to describe the toughness
of the composites [9], ar result in consistency with the prediction of the large-scale-
bridging model developed in the present study [8].

Four-point bend test has also been used to evaluate the effects of the size and
orientation of ductile laminae on the toughness of the composites. The results




exhibited that toughness of the composites increased with increasing size of Nb
laminae, and ductile laminae offered two dimensional toughening, i.e., fracture
toughness in two orientations has been increased to about 11 - 14 MPa.m'? from 3
MPa.m'? for unreinforced matrix [11].

Effects of ductile reinforcements on the stiffness and strength of the composites have
been evaluated using MoSi,/Nb laminates [12]. The results suggested that residual
thermal stresses had an influence on the stiffness of the composites and toughening
by a ductile phase with a lower elastic modulus than that of the matrix would cause
a decrease in the strength of the composites [12].

All the toughness evaluations and examination of the interaction of cracks with
ductile reinforcements indicated that (1) ductile phase toughening involved large-
scale bridging, i.c., the bridging-length was at the same magnitude as the crack
length, the specimen size or the distance from the crack to the specimen boundaries
[2,13];and (2) the toughening of brittle matrix with ductile phase could be described
by the equilibrium stress distribution across the crack surface [11]. According to
these observations, a general approach has been proposed to compute the ductile
phase toughening in the case of large-scale-bridging ([8]. The approach, which
allowed for the prediction of the typical R-curve behaviors of ductile-phase-
toughened composites, encompassed the effects of the bonding strength of the
matrix/reinforcement  interface, the size of ductile phases, and the intrinsic
mechanical properties of the ductile phases and matrix. Some important results from
the model are presented in Figure 1. Note that the maximum crack-growth
resistance increases with increasing size of the ductile phase (Figure 1(a)) and the
decohesion length at the matrix/reinforcement interface (Figure 1(b)). However, the
interface with a small decohesion length gives rise to a steep initial slope of R-curve,
indicating that a high crack-growth resistance is associated with a strong interface
when the crack is small. The duality of the interface suggests that a weak interface

. would be beneficial if the cracks to be dealt with are short. (Detailed results are

provided in Publication 8.)

Incorporation of SiC whiskers into MoSi, matrix has been initiated via tape casting
technique. The motivation of using this technique was that the orientation of SiC
whiskers could be controlled by adjusting the thickness of the tape and the tapes with
different compositions and different whisker orientations could be stacked and
laminated together in nearly any combination. Thus, laminates could be custom
designed to yield desired properties. A slip formulation (organic solvent, dispersants
and binders) for tape casting MoSi,/SiC suspension has been developed. The
formulation not only enhanced the uniform distribution of SiC-whiskers in MoSi,
matrix, but also had a very low binder burnout temperature (<300°C) which was
greatly beneficial for the non-oxide materials. Typical microstructures of SiC-
whisker-reinforced MoSi, composites produced via hot pressing of the tape cast
laminae have been shown in Figure 2. Note that to some extent, alignment and
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uniform distribution of SiC whiskers has been achieved. On-going work will be
directed to characterize the mechanical properties of the tape cast composites and
finally combine tape casting technique and ductile phase toughening to produce
hybrid composites.

uni a .

Reactive hot compaction (RHC) has been successfully utilized to produce NbAl,
matrix with close to 100% theoretical density at relatively low processing
temperatures of around 1300°C. The effects of process control parameters such as
ratio of the elemental Nb and Al powder, particle size, and heating rate, on the
microstructure of NbAl; matrix have been evaluated [14,15]. By controlling the
initial stoichiometry, NbAl, matrix composites containing a dispersion of Nb,Al or
Nb,Al particles with a niobiom core has been produced via RHC. The fracture
toughness of the composites has been determined to be 3.5MPa.m'?, compared with
1.9 MPa.m'? for the monolithic matrix [14,15]. The improvement can be attributed
to crack deflection and crack trapping.

In order to further improve the fracture toughness of NbAl;, Nb filaments were
incorporated into the matrix during RHC process [16]. To prevent chemical
interaction between the matrix and reinforcements, a novel technique was developed
to produce alumina coating in situ during the RHC processing. This in situ alumina
coating is described in Patent 1. Briefly, the process involved pre-oxidizing Nb
filaments to form Nb,Os scale, and converting the Nb,O;s scale iito Al,O; layer at the
matrix/reinforcement interface via an interface reaction during the subsequent RHC
process. The coating thickness was varied from 3 to 8 um by changing the oxidation
time of the Nb filaments. Long term annealing at 1200°C indicated that the in situ
AlL,O, coating was stable and effective in suppressing the interactions between the
matrix and ductile reinforcement [16].

Fracture toughness of 20 vol% Nb-reinforced NbAl, composites was measured to be
9.4 Mpa.m'?, five times higher than the matrix. Fracture surface analysis indicated
thay partial decohesion had occurred at the matrix/filament interface allowing the
Nb filaments to fail in a ductile manner. The in situ AL,O, coating, therefore, not
only acts as an effective diffusion barrier, but also imparts a desirable interfacial
strength to allow for a limited debonding at the interface [16].

Publications
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L. Xiao, Y.S. Kim and R. Abbaschian, "Ductile Phase Toughening of MoSi, -
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DUCTILE PHASE TOUGHENING OF MOSI3-CHEMICAL. COMPATIBILITY
AND FRACTURE TOUGIHINESS

L. XIAO, Y. S. KIM, AND REZA ABBASCHIAN
Department of Masterisls Sclience and Engincering, University of
Florida, Gainesville, FL, 32611

ABSTRACT

Chemical compatibility between oxide coated Nb (ilament reinforcements and
MoSi2 was investigated. It was determined that ZrO3r. A1203. and mullite coatings
were chemically compatible with both Nb and MoSia. Comparison beiween coated
and uncoated (ilaments indicsted that the coatings reduced the thickness of the
interaction zome. The fracture toughness of the Nb filament reinforced composites
showed an increase, while W [ilament reinforced compositc showed a decrease. in
the toughness compared to that of the matrix. The resulis are discussed in teerms of
the mismatches in the coefficients of thermal expansion and the bonding
characteristics of the reinforcement/matrix  interface.

INTRODUCTION

Molybdeaum disilicide (MoSi2) is an auractive candidate materis! for
elevated-temperature  structural  applications because of its high meling
temperature(20300C), and excellent oxidation resistance at clevated temperstures.
However, it has a low fracture toughness at ambient temperatures like most of other
Intermetallics and a high creep rate at high temperatures.  Previous studies on
MoSi mawrix composites have shown appreciable improvements in the (raciure
toughness by reinforcing the matrix with SiC whiskers {1-3} and ZrO3 particles (4].
The fracture toughness of these composites was determined 10 be in the range of 5-8
MPs-mi/2, compared to 3-§ MP:2-mY2  for unreinforced matrix. In addition. it has
been eiso shown that the ambient temperature fracture sirength of MoSi2 can be
increased by a2 factor of two by reinforcing with 30 vol.% of Nb filaments |5).
However, as will be shown later, the Nb filament reinforced MoSiy composite is
unstable at clevated lemperatures because Nb reacts with MoSiz. forming other
britile intermectattic compounds such as (Mo,Nb)sSiy. The formation of the briule
reaction products as well as degradation of the reinforcements deteriorate the
toughness of the composites. Therefore, a protective coating of the reinforcement
is neccessary for high temperature applications of these composites.

The purpose of the current work is 10 investigate the duclile phasc
toughening of the MoSiy matrix using costed Nb and W filaments. It will be shown
that based on 1he thermodynamic calculations and cxperimental chemical
compatibility tests that Al203 and ZrQ) are stable in contact with Nb and MaSig up to
1700 ©C. The fraciure toughness of the compositcs comaining coated and uncoatcd
Nb were evaluated wusing four-point bending 1est. in addilion, composites
containing uncoated W filaments were produced in order to clucidate the effect of
the mismaiches in coelflicient of thermal expansion (CTE) on the (racturc toughness
of the composites.

EXPERIMENTAL

Alumina coating on Nb filamems were producced by dipping 1he filamens
into an aluminun-atkoxide-deri+cd sol solution devcloped by Clark et al (6f. followed

by drying s 500°C. Thec dipping and the drying pricess were repeated (wice in
order 10 obisin a dense and uniform costing. On the other hand, ZrOj coatings were

applicd by dipping the filaments into a coating solution consisting of 97% ZrOj and
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3% Al303. Aficr hot pressing, the thickness of Al203 and ZrO7 coating were
determined to be in the range 3 t0 20 um. The mullitc (3A120; 25i02) fibers used for
the compatibility studies were produced by sol-gel processing at the University of
Florids [7) .

in order 10 produce a unidircctionally aligned composite. Nb filaments were
pre-aligned in a planc and set with acrylic resins. The Nb {ilaments shecels were
then stacked together with MoSip powders(-325 mesh) in an appropriatc thickness
ratio and vacuum hot pressed a1 17000C for 40 minuies under 30MPa pressurc.  The
diamcter of the filaments used were 0.25 mm, and the volumc fraction of Nb
filamcnts in the composiies was 10%. The composites containing discontinuous W
filaments (aspect ratio 20:1) were produced by mixing the filaments with MoSia
powders and hot pressing under the same conditions. The thcorctical densitics of
the MoSiy, MoSiy/Nb, and MoSip/W compositcs were mcasurcd to bc 98.6. 98.5 and
97.0% respectively. The fraciure toughness of the composites was measured by four
point bending on 3.831x5.08x25.4 mm Chevron notched samples with an inner and
outer span of 10 and 20 mm. using a hydro-scrvo controlled MTS machine with a
cross-hcad speed of 4x10°4 mmfscc. The chevron notches were cut perpendicular 10
the alignment direction of the filaments using a diamond wafering saw.

RESULTS AND DISCUSSION
Chemical —_Compatibility

Experimental study on the compatibility between the coating martcrials and
MoSi2 matrix were carried out. Fig. 1 shows (a)microstructural morphology and (b)
corrcsponding clemental compositional profiles necac the Al1203/ MoSiy interface.
This samples was produced by hot pressing at 17009C for 30 minutes followed by
anncaling at 1400°C for 100 hours. The compositional profile inlicates that the
interface is “sharp”(approximately 2 pm thick). Simiiar results were obtained for
MoSi2/ZrO2 and MoSi2/mullite. For instance, the interface of MoSi2/mullite is very
sharp as shown in Fig. 2 and its thickness was measured to be around lum. These
results indicate that Al203, ZrO2, and mullite are chemically comgpatible with MoSiz.

To support the above findings, thermodynamic calculations were performed
in order to predict the chemical stabilitics of Alp03 and ZrOy with Nb and MoSij.
Using the thermodynamic data available [8), the free energy changes for possidble
reactions bctween the coating materials (AlpO3 and ZrOa). MoSi; and Nb were
calculated at 1400K and 2000K. The reaction componenis considered in these
calculations included Mo, MoSiz. MogSi3. Mo3Si, MoO(g). MoO>. MoO3(1). Si. SiO(g).
Si07, Al. Al03. AIO(g). Al2QXp). Zr, ZrO7. ZrO(g). Nb, NbO, NbO1. NbaOs. ZrSiy. Z1Si,

o Si

0 2 ¢ 6 8 1012 14
Dsiance, ym

Fig.l The interface mictosiruciure amd the corresponding ¥ = profiles of 2
MoSiy/A1304 composite.




Zr§Siz. ZrnSi. and 02(8) All the

3 w] Mo compounds  were  assumed w0 be
3 60 o stoichiomciric. Table 1 shows somc
s ] Si rcactions which have lower standard
2 wd Al free cncrgy changes among the  various
b rcactions considered. It is clear from the
204 , table thar A1303 and ZrOj arc chemically
O 4 stable with MoSia/Nb system within the
o 2 4 6 8 10 temperature  rapge  considered.

The microstruciure and composi ion

Distance, microns profiles of the uncoated Nb

Fig 2 The composition profiles of a filamcnts/MoSia interface which was
MoSiy/mullite fiber composite. vacuum hot pressed at 17000C for 40
hot pressed a1 17000C. minutes arc shown in Fig. 3. As sccn in

the figurc, Nb and MoSip reacicd
extensively during the processing. forming an intcrmetallic compound at the
interface.  The rcaction product was determined 1o be (Mo.Nb)gSi3 and its thickness
was measured to be about 30 um. The thickness of the interaciion layer between Nb
and MoSi2. however, was reduced 10 4 um upon coating of filaments with ZrO2. as
shown in Fig. 4. In addition, thc reaction product a1 the Nb/ZrOy interface was
determined to be NbsSi3. instead of (Mo,Nb)sSi3 for the uncoated samples,
suggesting that appreciable reduction in diffusion of Nb and Mo across the coating
as indicated by the composition profiles in Fig. 4.

The growth rate of the interaction lsyer (NbsSi3) in the ZrO2 coated Nb
filament reinforced composites were determined by anncaling the samples for 25
and 100 hours a1 1300°C. As shown in Fig. 5. the thickness of NbgSij, which
increased 10 6 um afier annealing for 100 hours. followed a parabolic funciion of
the annealing time.  The results indicated thai the growth of the NbgSi3 is
coatrolled by the diffusion of the clemental specics through the NbgSi3 rather than
the diffusion of Si through ZrO7. In other words, the diffusion of Si is relatively fast
in ZrO2. Thus. cven though ZrOjz is chemically compatible with Nb and MoSij, the
coating is not a pecfect bascier for diffusion of clememal species between Nb and
MoSi3. Nevertheless the coating is effective in reducing Nb or Mo diffusion, and
substantially reduces growth of the reaction layers.

Similar observations were made for the A1203 coated Nb filament reinforced
composites. The composition profiles at the Nb filament/Al30 3/MoSig interface for
a sampie produced by hot pressing at 14009C for 30 minutes is shown in Fig. 6.
Similar 10 the ZrOy coated Nb filaments, the formation of NbgSi3 at the Nb side of the
Nb/Al203 interface was observed.

Table 1. The standard frec cnergy changes for some possible reactions
among_ thc coating maicrials, matrix _and reinforcements.

Reactions 4G 400K 4G2000k
(K¢

6MoSi2 + 5Z:02 = SZr + 2Mo3Si + 10SiO(p) 614.028 372.126
SMoSi2 + 7202 = TZr + MoSSi3 + 75i02 389,819 371.332
MoSi2 + 4Z102 = 2212Si + MoO2 + 302(g) #36.3T3 389.773
2Nb + 2102 m 2NVO + 2 23.36 33399
4ND + 52:02 = 2Nb20S + 52r 178.656 358,345
9MoSi2 + SAT203 = 10AI + 3Mo3Si + 155i0(g) $94.567 490.583
SMoSi2 + TAI203 = 14A10(g) +MoSSi3 + 75iO(g) T705.588 1186313
5MaSi2 + TA1203 = 7A120(g) + MoSSi3 + 7Si02 627.166 432176
6Nb + SAI203 = 10Al + INb20S ==0.379 16991
2Nb + AI203 = AI2O(g) + 2NbO G810 64.291
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Fig.3 The microstructure and the corresponding composition profiles of a MoSis/uncoated Nb

filament interface.

Fig.4 The microstructure and the corresponding composition profiles of a MoSiy ;, ZrO;y
coated Nb filament interface.

Its thickness was measured to be around 5 pm. compared with 15 pm of (Mo,Nb)sSi3
formed around uncoated Nb filaments in composites produced under the same hot
pressing conditions. In addition, it was observed thai when the hot pressing
temperature was increased to 17009C, the Al03 coating became discontinuous and
extensive reaction between Nb and MoSi3 occurred. The thickness of intermetallics
formed was increcased to 20 um. Neverthcless clectron microprobe analysis on the
interface did not reveal any evidence of resction of Al203 with Nb, (Mo.Nb)sSi3 and
MoSiz, This suggesis that the breakdown of the Al,O3 coating is possibly due 10 the
Kirkendal shift caused by the exiensive Si diffusion across the coating.
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An  order of magnitude calculation of Si diftusiwity thvough ZrOq and AlO3
coatings madc from the thickness of the anermetallics formed.  The results
indicated that the apparcat diffusivity of Si estimated 10 be larger than 1.0x10° 9
cm2fscc in ZrOy at 1300 ©C and farger than 2.0x10°% cm2/scc in Al03 a1 1400°C.
These values arc considerably  higher than the bulk diffusion of Si in the ceramic
matcrials, suggesting that Si diffusion might have wccured via different diffusion
paths rather than bulk diffusion. The most feasible faxt diffusion route may be
through the grain boundary. Since the grain size of the coating produced by the
sol-gel 1echniquc is small, the diffusion Mux from grain boundary diffusion may
dominate the diffusion process becausz of the large pcain boundary arca.  Another
potcntial fast diffusion path is the frec surface gencratcd by the porositics in the
coating. The porositics may also provide a probablc path for gascous diffusion of
SiO.  Thercfore, In order to minimize the Si diffusion, grain boundary arca and
processing defects must be minimized in the coating.

Eragture toughness

The fracture toughness(Kyc) valucs of MoSig matrix composites reinforced by
uncoated Nb or W filamenis are shown in Fig. 7. As scen in the figure, Ky values of

the composites reinforced with Nb filamenis was § MPa-mi/2, which shows 52 %
increase over that of the matrix.  Analysis of fraciurc surface of the composiics
using SEM showed that the failure mode of the Nb filaments was a briule cleavage
in nature and the decohesion at the filament/matrix intcrface was minimal(Fig.8). The
brittle fracture of the filaments may be mainly duc w the limited decohesion and
this may have led to the limited improvement of the fracture toughness of the Nb
filament reinforced composites. Fraciure surface analysis of the alumina coated Nb
filament reinforced composites aiso indicated that the failure modec of the Nb
filaments was brittle cleavage in character, and without appreciable decohesion at
the interface. Further swdies are being conducted 10 improve the characteristics of
the filament-matrix bonding by modifying the coating paramcters.

W filament reinforced composites showed. on thc other hand., considerably
lower Kjc than the Nb filament reinforced compositcs and slightly lower than  the
matrix. According 10 the micromechanical modc! of ductile phase reinforced
composites  {9-10). the fraciurc 1oughness of the W filament reinforced composites
is expected 10 be higher than that of the Nb filamem rcinforced composites because
W filaments have a higher clastic modulus and fracture strength than Nb filaments.
The discrepancy between the theorctical prediciions and cxperimental  results
scems to result from microcracks obscrved in the composites. These cracks have
been observed when the CTE of filament is smaller than that of matrix and are duc
to a residval tensilc hoop stress in the matrix acar the filaments{12). The residual
stress can not only induce thermal cracks in the matris but also increasc the stress
intensity in the composites. thus leading to the reduced Kic.
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Fig.7 The Ko values of MoSiy matrix Fig.8 Fracture surface of the uncoated
and the composites containing Nb reintwrced composites.
10 vol.% of Nb or W filamenty.
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The rcsiduai tensile stresses in the W filament rcinforced composites were  estimated
by the equations proposcd by Poriisky {11). For a perature Jiff of 10009C,
the calculated hoop was 2200 MPa and the axial siress wax 160 MPa in the
MoSiy matrix ncar the interface. The calculated 1cnsile hoop stress is much higher
than the teasile sirength of MoSiz, 150 MPa, at bi ralures (13).  Thus. the

matrix microcracking  and thc high level of residual stresscs in the matrix are
thought t0 be responsidle for the reduced fracture toughness of the W (ilament
rcinforced composites.

CONCLUSIONS

(1) MoSiz matrizx composiles reinforced with uncosted Nb filamemnts cahibited
significant macrix/filamcat interactions leading to the formation of the threce-
componen: intermetallic, (MoNb)sSi3. (2) Stability tesis for Al2Q3. 2rO2. and mullite
indicated that they were chemically compatible with Nb snd MoSip up to 1700° C.
However, upon coating the (ilaments with the ceramic oxides (ZrOp and Al03). 2
limited interaction was observed, lcading to the formation of the binary
intcrmetallic NbsSij3. From these two observations. it was infcrred that accelerated
Si diffusion along the grain boundaries and processing defects in the coatings was
responsible for the (ilament/matrix interaction. (4) The fracture toughness of the
Nb filaments reinforced composites was 50 % higher than the unreinforced matrix,
but the fracture toughness of W filament reinforced composites was lowcr than that
of the matrix. The later was aitribuied 0 the W/matrix thermal expansion
coeflicient mismatch, resulting in radial microcracks in the matrix near the
interface.  (5) The failure of Nb filament reinforcements in four-point bend tested
cheveon-notched samples occurred in a brittle cleavage mode. indicating a strong
bonding at the [filament/matrix interface.
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Abstract

In this paper, we describe a framework for the processing of niobium-reinforced MoSi, composites. As
a pant of the program, composites containing coated and uncoated niobium reinforcements were
produced. Chemical compatibility between the coatings and the matrix was studicd and the effect of the
interface modilication by the coating on the fracture toughness of the composites was investigated via
four-point bending tests on chevron-notched samples. The results indicated that the coatings have a
significant effect on the debonding at the reinforcement-matrix interface, which in turn can alfect the
damage tolerance of the composite. Also observation of the crack propagation in the composites
sugpesis that the matrix failed at the early stages of loading. The results are discussed in terms of the
mismatch between the elastic constants of the composite constituents.

1. Introduction

MosSi, heating elements have been used since
the early 1950s because of a combination of pro-
perties: proper electrical resistivity, high melting
temperature (2030°C) and excellent oxidation
resistance up to 1700°C in oxidizing environ-
ment. In addition, MoSi, has a relatively low
density (6.4 g cm™') and can retain a significant
part of its ambient temperature strength up to
1200 °C. These properties make MoSi, an excel-
lent candidate as a structural material for high
temperature applications. However, its poor
room temperature fracture toughness imposes a
severe limitation on its use in practical applica-
tions.

The toughness of MoSi, can be improved by
the incorporation of ductile reinforcements such
as refractory metal filamenmts or particles. Since
the ductile rcinforcements commonly have a
lower elastic modulus than MoSi,. the composite
was termed an “inverse composite™ [1, 2). The
principal mechanism of toughness improvements
in these composites is attributed to crack shicld-
ing or crack bridging by the ductile reinforce-
ments.  Results  of - independent  theoretical
modcling also indieate that the ductile phase
toughening can be an effective 1ol in improving
the fracture toughiness of brittle matrices |3, 4).

~,
.

The major difficulty in using ductile reinforce-
ments, especially pure refractory metals, is that
they tend to react with the matrix at high temper-
atures, leading to the formation of brittle inter-
facial products. For example, when Nb-MoSi,
composites were annealed at high temperatures,
(Mo, Nb);Si,, among other compounds. formed at
the reinforcement-matrix interface at a relatively
rapid rate (1, §}. The formation of the interfacial
compounds at the expense of the ductile rein-
forcement not only degrades the ductile phase
toughening effect but also can cause a notch
effect on the ductile phase as the compound
grows thicker [6]. Therefore the use of an inert
diffusion barrier coating on the reinforcements
prior to processing of the compusites is essential
for minimizing the matrix-reinforcement interac-
tions during processing and service at elevated
temperatures.

In this study, the elfect of various oxide coat-
ings on the dccohesion length at the reinforce-
ment-matrix interface and consequently the frac-
ture toughness of the compusites were investi-
gated. It will be shown not only that the coatings
have o significant effect on the Iracture toughness
of the composites but also that the magnitude of
the effect changes according to the reinforcement
geometry. Furthermore, the crack propagation
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and crack ~reinforcement interactions at various
stages ol loading were explored 10 understand the
role of ductile reintorcements which have an elas-
tic modulus lower than that of the matrix in deter-
mining the (racture toughness of the composites.

2. Experimental details

The chemical compatibility of various oxide
coating materials (Al,O,, ZrO, and mullite) with
MoSi, was investigated by compositional and
microstructural analysis of vacuum hot-pressed
MoSi, samples containing the oxide powders.
The hot pressing was carried out 1700 °C for 30
min under 40 MPa pressure.

Laminated composites containing uncoated
and coated niobium foils were produced by
vacuum hot pressing. Details of coating niobium
foils with Al,O, or ZrQ, via the sol-gel route can
be found elsewhere [5]. In order to fabricate the
laminated composites, niobium foils 0.25 mm
thick and -325 mesh MoSi, powder were
stacked to produce 20 vol.% of niobium foils in
the final composite. The thickness of each MoSi,
layer was kept constant by using the same amount
of MoSi. powder between the layers. These
stacked samples were vacuum hot pressed at
1700°C for 40 min under a pressure of 40 MPa.
Similarly. fibrous aligned composites containing
coated and uncoated niobium filaments (0.127
and 1.0 mm in diameter) were also fabricated.
Compositional analysis was performed using a
JEOL JXA 733 microprobe and pure molybde-
num, silicon, nickel. aluminum and zirconium as
standards: the oxygen content was determined as
the balance.

Concentration (ot.s)
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The fracture toughness of the compaosites was
determined by a four-point bending test on
chevron-notched specimens usng a hydro-servo-
controlled MTS machine at a cross-head speed of
4107 mm s7'. The dimensions of the speci-
men were 3.8 mm X 308 mmx 254 mm: the
chevron notch on the laminated composites was
cut perpendicular to the foil plane using a dia-
mond wafering saw. The crack propagation pro-
cess in the chevron-notched sample during the
four-point bending test was investigated by
unloading the samples at various loads. The
unloaded samples were sectioned and investi-
gated for crack geometry.

3. Results and discussion

3.1. Chemical compatibiliry benwveen MoSi, and
coating materials

The chemical compatibility of the coating
materials (Al,O;. ZrO, and mullite) with an
MoSi, matrix was assessed experimentally via
microstructural and compositional analyses of
the samples after hot pressing powder mixtures of
commercial MoSi. and the coating materials.
Figure 1 shows the microstructural and the cor-
responding elemental compositional protiles near
the Al.O;-M»Si. interface of a sample annealed
at 1600 °C for 100 h after hot pressing at 1700 °C
for 40 min. The compositional profiles show two
very distinctive tvpes of interface: a relatively
sharp interface with a thickness less than the dis-
tance between two consecutive scanning points of
the electron microprobe (2 x#m). and a relatively
diffuse interface about 7 um thick. Also, the dif-
fuse interface layer is rich in silicon, aluminum

Fig. 1. Compaositional profiles across an ALQO particle in an MoSi; matrix




and oxygen, with little or no molvbdenum. When
the annealing temperature was varied from 1400
to 1600 °C, the general appearance of both inter-
faces and their thicknesses remained almost the
same. In a related study, microstructural analysis
of vacuum hot-pressed MoSi, samples, fabricated
from the commercial MoSi, powders, revealed
the presence of small second-phase particles dis-
tributed randomly thoughout the matrix, as
shown in Fig. 2. Transmission electron micros-
copy analysis indicated that these particles were
amorphous SiO, (7]. Consequently, it is believed
that the interaction layer at the diffuse interface is
due to a reaction between Al,O, and SiO, impur-
ity particles. This suggests that MoSi, and Al,O,
may be chemically compatible within the temper-
ature range considered (1400~1600 °C).

Fig. 2. Optical micrograph of MoSi. produced by the hot
pressing of commercial powders.

(1]

Composition, wt%
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Compositional analysis of MoSi,-ZrO, and
MoSi,~mullite fiber* composites indicated a very
sharp particle-matrix interface. with no apparent
interaction zone. This is illustrated by the compo-
sitional profile and the corresponding micro-
structure of an MoSi,~mullite composite (Fig. 3).
Similar to MoSi,-Al, Oy, the interface remained
sharp with no appreciable increase in its thick-
ness upon annealing.

3.2. Effectiveness of the inert coatings as a
diffusion barrier

In addition to the chemical compatibility of a
coating with the matrix and the reinforcement, it
must act as a diffusion barrier for the elemental
constituents of the composite. In order to evalu-
ate the effectiveness of the various oxide coatings
as diffusion barriers, niobium filaments coated
with ZrO, and Al,O; were mixed with MoSi,
powder and hot pressed at 1700 °C for 40 min.
ZrQ,-coated niobium filaments (Fig. 4) exhibited
a limited interaction layer on the niobium side of
the coating, but not on the MoSi. side. The thick-
ness of the interaction laycr was around 4 um,
which is considerably less than that observed for
the uncoated filament-matrix interface produced
under similar hot-pressing conditions. For the lar-
ter, the layer thickness was 30 xm. In addition,
compositional analysis indicated that the reaction
product at the Nb-ZrO., interface was Nb.Si;

*The mullite fibers were produced by M. D. Sacks eral. at
the University of Florida.

Fig. 3. The mertace microstructure and the corresponding compositional protldes of an MoSi. - muthte composate.
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Fig. 4. 'I'he microstructure and the corresponding compositional profiles across a (ZrO,-coated Nbi-MoSi. interface.

compared with (MoNb),Si; which formed at the
uncoated Nb-MoSi, interface.

The growth of the interaction layer (Nb,Si,) at
1300°C was measured after annealing the sam-
ples for 25 and 100 h. As shown in Fig. 5, the
layer thickness was increased to 6 um after
annealing for 100 h and followed a parabolic
function of the annealing time. The results indi-
cated that the growth rate of the NbgSi, at the
Nb-ZrO, interface is controlled by the diffusion
of silicon through the Nb.Si, rather than through
the ZrO, coating.

A similar interfacial interaction was observed
upon coating niobium with Al,O,. as shown in
Fig. 6. The thickness of the interaction layer
formed on the niobium side of the Nb-Al,O,
interface was measured to be around 5 um after
hot pressing and the layer was again determined
to be Nb,Si;. These results indicate that, even
though ZrO, and Al,O, are chemically compat-
ible with niobium and MoSi., the coatings are not
perfect barriers for silicon diffusion. Neverthe-
less, the coatings are effective in retarding the
niobium and molybdenum diffusions and hence
substantially reduce the growth rate of the reac-
tion layers.

An order-of-magnitude calculation of silicon
diffusivity through ZrO, and AlL,O, made from
the growth rate of the interaction layers indicates
that the apparent silicon diffusivity must be larger
than 1.0x 10 " em® s ' in ZrO, at 1300°C and
larger than 20X 10 % cm® s ' in ALO, at
1400 °C. These values are considerably higher
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Fig. 5. The thickness of the interaction product in an
MoSi,~(ZrQO.-coated Nbj componte as a {unction of the
square root of the anncaling time.

than the bulk diffusivities of silicon in these cer-
amic materials [8]. It is possible that silicon diffu-
sion in the coatings was enhanced along the grain
boundaries, or processing defects such as pin-
holes generated during the sol-gel coating pro-
cess.

3.3 Fracture toughness of ductite-phase-
reinforced composires

The fracture toughness of the brittle matrix
composite was caleulated from the peak load of
the load-displacement  curves  of - chevron-
notched samples tested ain tour-point bending.
Typical load=displacement curves for an unrein-
forced matnx and an uncoated composite rem-
forced with 200 vol “w Nh forl are shown i g, 7.
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Fig. 6. The microstructure and the corresponding compositional profiles of Al,0,-coated niobium filaments in MoSi..
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Fig. 7. Typical load-displacement curves of chevron-
notched monolithic MoSi. matrix and uncoated niobium-
loil-reinforced composite specimens. The letters on the
composite curve indicate the approximate unloading load
tevels for the microstructures shown in Fig. 8.

As can be seen, the peak load of the composite
specimen is more than three times higher than
that of the matrix. The fracture toughness calcu-
lated using a model derived by Munz er al. |9)]
indicated that the fracture toughness K, of the
composite was around 15 MPa m'”* compared
with 3.3 MPa m'”? for monolithic MoSi.. Also the
work of fracture of the composite specimen has
increased significantly over that of the matrix.

In order to investigate the crack propagation in
the matrix. the chevron-notched composite speci-
mens were unloaded at five different load tevels,

indicated by points a-e in Fig. 7. The unloaded
specimens were sectioned parallel to the crack
propagation but perpendicular to the direction of
the foil alighment and then examined for the
extent of crack propagation. Figures 8(a)-(e)
show the nature of crack propagation in the sam-
ples at the corresponding load levels indicated in
Fig. 7. For the sample loaded up to 15 Ibf (point a
in Fig. 7) which is approximately 10% of the peak
load of the composite. a crack was observed at
the tip of the chevron notch. which had propa-
gated in a stable manner ax shown in Fig. 8(a).
When the load was increased to 35 Ibf {point b in
Fig. 7), which is about 23% of the peak load, the
result indicated that the crack had already propa-
gated throughout the entire thickness of the
matrix.

The extensive cracking of the matrix at a foad
level considerably below the peak load of the
composite may be explinned using the principle
of strain compatibility in compaosite materials.
During the initial loading and prior to cracking of
the matrix, most of the applied load is carried by
the matrix because the elastic modulus of MoSi,
matrix (380 GPa) is much higher than that of
niobium foils (105 GPa). For the niobium foils to
carry the same stress as the matrix, they need 10
be elongated three times more than the matnix
{assuming no constrained delormation). On the
basis of the strain compatibility critcria, this i
clearly impossible unless the matnx fractures,

.
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Fig. 9. Crack propagation in a ductile-phase-reinforced brit-
tle matrix composite. The reinforcements located farther
behind the crack tip are strained much more to carry the
applied stress.

Therefore the reinforcement with a lower elastic
modulus will carry a minor part of the load until a
matrix crack has opened appreciably to allow the
reinforcement to strain. This is schematically
shown in Fig. 9, where the reinforcements which
are farther behind the crack tip are strained much
more than those closer to the tip or ahead of the
crack. Obviously, the required level of the crack
opening for the additional straining of the rein-
forcement will depend on the length of debonded
section of the reinforcement: the larger the
debonding length. the larger is the reinforce-
ment section which is being strained, and the
larger is the required crack opening. Moreover,
the latter will also depend on the relative values
of the elastic moduli of the matrix and the re-
inforcement. The thick {0.25 mm) niobium foils
and the large distance between the foils (about
800 xm) may also have contributed to the prema-
ture failure of the matrix. It is clear that the value
calculated from the peak load (point d in Fig. 7)
may be interpreted as an indicator of the damage
tolerance of the composite.

3.4. Interaction of cracks with uncoated niobium
reinforcements

Closer examination of Fig. 8 reveals interest-
ing aspects of the interaction betwecen cracks and
niobium foils in the composites reinforced by the
uncoated niobium foils, Al the carly stages of
loading, there is only one primary crack propa-
gating in the matrix. This primary crack propa-
gates through the matrix in a stepwise manner,
instead  of  propagation on one  crack  plane
(Fig. 8{b)). The stepwisc crack propagation in the
matrix may be explained through geometrical
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effects of the mobium reinforcement foils. In
these laminated composites, as a crack ends on
one side of the niobium foils, it needs to renucle-
ate on the other side, making the crack propaga-
tion discontinuous in nature. Let us consider,
iioreover, the crack nucleation mechanism:
because of a statistical distribution of crack
nucleation sites on the other side of the foil, it is
not necessary that the renucleation be coplanar
with the original crack. In fact, it may be expected
that the renucleated crack will most probably not
be coplanar with the original crack. The net result
is the observed stepwise crack propagation.

As the load level is increased, the niobium foils
at the opening of the primary crack become
stretched and secondary cracks start to nucleate
as shown in Fig. 8(c). On further increase in load,
additional secondary cracks continue to form and
propagate throughout the matrix. creating a
region at the interface which may be termed “vir-
tual debonding” as shown in Fig. 8(e). In this
area, the matrix-imposed constraints are relaxed
and the foil can deform freely in a unidirectional
tensile stress state until it fails in a ductile manner.

When the geometry of the niobium reinforce-
ments is changed from foils to filaments, the
crack propagation in the matrix is also expected
to change. For filament-reinforced composites,
the crack can propagate continucisly throughout
the matrix without the nced for renucleation.
Therefore the crack will propagate on rthe plane
of the maximum stress intensity and the secondary
cracks are not expected to form. Figure 10 shows
the fracture surface of an uncoated niobium-
filament-reinforced composite. As seen in the
figure, there is no appreciable debonding at the
reinforcement-matrix interface and the filaments
have failed in a brittle cleavage manner. The brit-
tle fracture of the filaments is believed to occur
oecause of the lack of decohesion at the rein-
forcement-matrix interface due to strong bond-
ing and because of the absence ot the virtual
decohesion by secondary cracks as in the lami-
nated composites. As a result, the filaments are
constrained by the matrix and, under a tnaxial
state of stress, lead to o briule tracture of the fila-
ments.

3.5 Effect of coating on the crack -reinforcement
tneeraction

When mobum foils were coated with ALO
the cracks in the laminated composites pro-
pagated in a manner smidar to the uncoated




N

L TR
—rRA T
1329, 100, 0U

——

Fig. 10. Fracture surface of an uncoated niobium-filament-reinforced MoSi, composite. showing limited decohesion at the witer-
lace and brittle cleavage (racture of the niobium filament: (a) fractured chevron-notched specimen; (b) tractveed niobwsm ilamem

Fig. 11 The crack propagaton in a ZrO,-coued niobwm-tol-reintorced MoSic composte. The mobmm foils Galed g bmle

manuer

niobium-foil-reinforced  composite:  stepwise
propagation of the primary crack. extensive sec-
ondary cracking and ductile failure of niobium
foils. However, when niobium foils were coated
with ZrO,. cracks propagated in a differem
maode. as shown in Fig. 11, In this compuosite,
there was no extensive secondary cricking and
niobium Joils Tailed - a brinle manner. even
though the primary crack propagated in the step-
wise manner, The brittle fracture of niobium (il
may be due 10 several tactors such as embrittle-
ment of the niobium toils, the noteh effect from
the thick coating and the reacion layer, and/or
restdual stresses build up oving 1o the inis-
matches i thermal expansion coetticients. Fhe
measwmement ol the Vichers microhardness ol
the mohun fods mothe composites mdicated that
the Vichers nuctohardness oF the, ZiO-coated
mobuon ol was increased §iightly 136 HV
over that of the uncoated molaum lu'il\i 145 IV
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and the AlLO,-coated foils (164 HV L Flus hard-
ness increase is believed to be due 1o a slight
increase in the oxygen concentration in the nio-
bium foils. At present, the most probuable cause for
the observed fracture behinior appears o be
related to the high degree of constraint imposed
by the strong interface. However. further studies
will be continued to investigite the exact cause of
the brittle fracture of ZrO,-coated Nb loils.

Table 1 summarizes - the  clfect ol dhe
crack-reinforcement interaction on the dimage
tolerance of the compaosites. These values nuay be
compared with the fracture toughness ot the
monolthic matrix @abour 33 MPy m' A
expected, the damage tolerance ol the composites
i which piobwm lotls Guled mea ductle manne
i ehes than than ob the compesates sl baantle
mobium Eulure. On the conteay. whoen the e
b retdorcements Buded ma boatfe manner the
dimare tolevance waith uncoasted nobam hila-
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Damage tolerance tMPam' -

Uncoied  ALO, 7210, Remarks
coated  couted
Laminated 155 14.0 N6 Nb foil
Composites reinforcement
Fibrous 122 Nb filament
compuosite reinforcement

ment composite was higher than the ZrO,-coated
niobium-foil-reinforced composite. which may
again be related to the character of the interface
bond.

4. Summary and conclusions

The main effort in this study was focused on
the control of the reinforcement-matrix interface
interactions as well as the interface mechanical
properties in Nb-MoSi, composites. The ap-
proach was to coat the niobium reinforcements
with inert diffusion barriers. A chemical compati-
bility study of MoSi. with Al,O; as a potential
coating material showed that they are chemically
compatible in the absence of SiO. impurity parti-
cles. The presence of SiO. was found to cause
extensive reaction between the second phase (SiO,)
and ALLO;. ZrO, and mullite were also found to
be chemically compatible with MoSi..

When Al,O; and ZrO, coatings were applied
on niobium prior to incorporation in MoSi., they
were effective in eliminating niobium and
molybdenum diffusion, and retarding the interac-
tion between niobium and MoSi..

Investigation on the crack propagation in the
niobium-reinforced MoSi, composite indicated
that the matrix cracked at a load level considerably
below the peak load of the load-displacement
curve. This early crack propagation through the
matrix is believed to be due to low elastic modu-
tus of the niobium reinforcement compared with
that of the matrix and the strain compatibility
requirements in the composite. Thus it was sug-
gested that the fracture toughness of the compos-
ite determined  from  the peak load ol 1he
four-point bending test should be interpreted as
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an indicator of the damage wolerance of the com-
posite.

Composites containing uncoated and AlLO,-
coated niobium  foils  showed 21 improved
damage tolerance, with A, around 14-15 MPa
m'’>. On the contrary, the composites reinforced
by ZrO,-coated niobium foils showed a lower
damage tolerance (8.6 MPa m'~) with a brittle
cleavage fracture of the foils.

The geometry of the reinforcements was also
found to affect the crack propagation in the
matrix. In the laminated composites, the crack
propagation was discontinuous, leading to a step-
wise crack propagation of a primary crack and
nucleation of secondary cracks. On the contrary,
the crack in a fibrous composite propagated con-
tinuously on one plane, and the filaments failed in
a brittle cleavage manner.
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ABSTRACT

Substantial toughening of intermetallics and
ceramics by ductile reinforcements has been
established. To evaluate the toughening by ductile
reinforcements, it is necessary to know the stress-
displacement curve of the ductile phase constrained
by the brittle matrix. In the present study, tensile
tests involving the specimen with a ductile
reinforcement imbedded in the notched brittle
matrix have been used. Effects of experimental
variables, notch geometry in the vicinity of the
ductile phase, depth of the notches and size of
ductile reinforcement, on the measured stress-
displacement curves have been evaluated. The
experimental results showed that these variables
played important roles in the stress-displacement
curves. The results are analyzed using theory of
notch stresses and finite element method. A
formula to estimate these effects of the variables
has been put forward.

I. INTRODUCTION

It has been established that substantial toughening
of brittle matrices can be achieved by incorporating
ductile reinforcements [1-9]. The primary

b))

~X

mechanism responsible for the enhanced
toughness has been attributed to be bridging by
intact ligaments of the ductile phase behind the
advancing crack tip [(10-14]. The physical
mechanism of toughening by intact ligaments of
the ductile phase is straightforward. If ductile
ligaments span the advancing crack, they must
stretch as the crack opens until they fracture or
decohere. The work of stretching contributes to the
toughness of the composite and the increased
fracture toughness of the composite can be obtained
directly from the J-integral around the traction zone
as [11,12)

AG = Y‘j'.o(u) du

where u is the crack opening, o(u) the nominal
stress on the ligament, u* the crack opening at the
end of the traction zone and V{ is the area fraction
of reinforcements on the crack plane. Once o(u) as a
function of crack opening is known, the increase in
toughness of the composite can be evaluated
through eq. (1).

Recognizing that o(u) is different from that
measured in a simple lensile test, several
investigators [15-17] have used a test procedure to
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Fig. 1 (a) Schematic of a composite laminate test specimen;
(b) Schematic of a composite cylinder test specimen.

evaluate o(u). The test procedure is based on the
concept that the stress-displacement relationship
obtained from one ductile reinforcement imbedded
in a brittle matrix can be used to describe the
mechanical characteristics of the reinforcements in
the composites. The basic test specimen consists of
one ductile fllament or foil imbedded in a
precracked brittle matrix, as shown in Fig. 1, and a

tensile test is conducted to evaluate the o(u).
Clearly, in order to accurately simulate constrained
condition of the reinforcements in the matrix, it is
necessary to be aware of effects of experimental
variables, such as depth of the notch and geometry
of the notch tip, on the measured stress-

displacement relation. In the present study, effects
of these two variables are evaluated and
appropriate combination of these two variables
with size of ductile reinforcement is also evaluated.
The experimental results are analyzed using theory
of notch stresses and finite element method. A
formula to estimate the effects of the variables is
established and will provide guideline for the
future design of proper test specimens to obtain the
intrinsic properties of the reinforcements.

II. EXPERIMENTAL

2.1 THE TEST SPECIMEN - The test specimens used
in this study were laminated composites with pure

~ Nb foil sandwiched between MoSiz matrices, as

shown in Fig. 1(a). The specimens were prepared by
stacking a Nb foil with two layers of MoSi2 powder
of -325 mesh at an appropriate ratio, and then
vacuum hot pressing at 14000C for 1 hour under a
pressure of 40 MPa to get the composite discs. Three
different thicknesses of Nb foils ( 0.25, 0.5 and 1.0
mm) were used to prepare the composite discs. The
discs were then cut into rectangular tensile test bars
with dimensions of 5.0x3.8x30.0 mm. In order to
obtain the relation between crack propagation and
stresses, surfaces of the tensile test bars
perpendicular to the plane of the Nb foil were
polished before notching. The notches in the MoSiz
matrix were introduced using diamond wafering
blades. The variation in radius of the notch tip was
obtained by using different sizes of diamond
wafering blades. Three different radii of notch tips
used in the present study were 0.075, 0.165 and 0.270
mm. Fig. 2 shows typical precracks in a test
specimen and a close-up image of one of the notch
tips with a radius of 0.075 mm. The notches on the
both sides were symmetrical with respect to the
central Nb foil. Depth of the notches was measured
in terms of the width of the narrowest cross section,
2a, as shown in Fig. 1(a). The reason for that will
become obvious in Section 3.

2.2 TEST PROCEDURE - Displacement controlled
tensile tests were conducted with INSTRON.

Wedge-type grips were used to clamp the specimens

- and load train alignment was achieved by coupling

the top grip to a universal joint. Strictly speaking, to
simulate the interaction between ductile
reinforcements and cracks, very sharp precracks
should be introduced in the matrix. However, this
is difficult to do or very tedious procedure has to be



Fig. 2 (a) A general view of precracks in a composite
laminate test specimen with a 0.5 mm thick Nb lamina and
0.075 mm notch tip radius; (b) A close-up image of one of
the notch tips in (a).

taken, such as initiating cracks by fatigue or by
introducing a chevron form of notch. In the present
study, a very slow displacement speed, 0.005
in/min, was used to alleviate this conflict. With
such low speed, it was easy to unload the specimens
at the load level desired for examining the
specimens with SEM to identify the critical stress
for initiating a crack at the notch tip and to observe
sharpness of cracks and crack p.opagation.

For’ comparison, the critical stress for
initiating a crack at the notch tip was also detected
by conducting tensile tests on some notched
monolithic MoSiz specimens.

III. RESULTS AND DISCUSSION

3.1 STRESS DISTRIBUTION IN A MONOLITHIC
MATERIAL SPECIMEN - Because of geometry of
the specimens in the present study, stress
distribution in the specimens consisting of a
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monolithic material can be approximately treated as
a problem of a flat bar with a deep notch on each
side. H. Neuber {18} has already derived a formula
to calculate stress distribution over the narrowest
cross section of such specimen under a tensile
loading (Fig.3). The stress distribution in question is
only a function of a/p and not affected by depth of
the notch, w (Fig.1). The formula proposed is

cos?ug - cos

V2 ) et )

Cv= A coshv cosv (2 +
¥

where A and h are dcfined as

F sinv,
Asger— o —— —
2ad vq + sinvg cosvg

h%=sinh“v +cosv ......... @)

Meanings of the symbols used in egs. (2)-(4) are as

follows. v and v are elliptical coordinates and the
relations between elliptical coordinates and
Cartesian coordinates are

v = sinhv cosv
x = coshv sinv

Oy is stress in v direction at any position in the
plane of the narrowest cross section, F the tensile
loading, F/2ad the nominal stress in y direction

over the narrowest cross section, v, a constant
which defines contour of the notches with a

formula of v = v, (a hyperbola contour). The reason
the contour of the notches was assumed as a
hyperbola in the derivation of eq. (2) was because
curvature of the notch tip had much more
considerable effect on the stress distribution than
the additional contour of the notch and the
assumption of a hyperbola contour permitted the
simplest possible calculation. Due to such an
assumption, the contour of the notch is related to
the width of the narrowest cross section and
curvature of the notch tip with a formula of .
vg=arc cos(1/V(a/p+1)). The stress component, Gy,
over the narrowest cross section can be obtained
from eq. (2) when setting v=0.

The tensile tests on the notched monolithic
MoSis specimens showed that the nominal stress
over the narrowest cross section for initiating cracks

at the notch tips, Gerack(nom) Was 662+ 13 6 MPa for
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Fig. 3 Stress distribution over the narrowest cross section

and the corresponding contour of the notches in a
notched bar consisting of a monolithic MoSia

specimens with 2 width of 20 mm at the narrowest
cross section and a notch tip radius of 0.075 mm.

Inserting the Ocrack(nom) measured and the
specimen’s dimensions into eq. (2) and setting v = 0,
it was found that the stress at the notch tip at the
point of crack initiation, Gcrack(max), Was 310.4 £ 60.6
MPa, as shown in Fig. 3. It is noteworthy that
Ocrack(max) Calculated in the present study is very
close to the flexural strength (319MPa) of
monolithic MoSi2 measured using four-point bend
tests in a related study (19]. The physica! meanings
of these two quantities are the same, i.e., both of
them are the maximum tensile stress the MoSiz can
sustains before a crack is initiated. The results
suggest that with a proper design of the notched
specimen, tensile strength of brittle materials can be
evaluated with such precracked specimen

geometry. g

3.2 STRESS ANALYSIS OF THE SANDWICHED
SPECIMEN - In the case of sandwiched specimens,

. eq. (2) can still be utilized provided some

assumptions are made. It is noted that there is a
deformation continuity across the
matrix/reinforcement interface before the
debonding at the interface occurs. Therefore, it is

assumed that the stress Oy in the Nb side at the

interface is 3.6 times less than that in the MoSiz side
during the elastic stage because the elastic modulus
of MoSi; (379GPa) is 3.6 times larger than that of Nb
(105GPa). It is also assumed that the stress
distribution described by eq. (2) is still valid even
inside the Nb reinforcement but with all the
stresses being only 1/3.6 of the stresses calculated
using eq. (2). With the above assumptions, the
stress distribution in the sandwiched specimens can
be calculated using eq. (2). Errors introduced with
the assumptions are estimated using finite element
analysis and the results are presented in the
Appendix.

Measured Oc¢rack(nom) for laminated
composites with 0.5 mm thick Nb lamina as a
function of width of the narrowest cross section is

shown in Fig. 4. If Ocrack(max) of 3104 MPa
measured from the monolithic MoSi; is taken as
the stress to initiate cracks at the notch tips in the

laminated composite specimens, Gerackinom) for the
laminated specimens can be calculated using eq. (2)
with the aforementioned assumptions. The
calculated Gcrack(nom) is also included in Fig. 4 for
comparison. As seen in the figure, the thecry of
notch stresses predicts that Gcrack(nom) increases
with decreasing width of the narrowest cross
section and such trend is confirmed b, the
measurement when the narrowest cross section is
wide. However, the predicted value deviates from
the experimental data when width of the narrowest
cross section is small. Such deviation is caused by
the residual thermal stresses, as discussed below.
Using eq. (2) and the aforementioned assumptions,

100
« o0 b L ®  experimental
g "t A calcuimsd
~"w-
- . A .
,570- L ] L] .
£ ot .' A e .
(2 » [
gSO‘ .. ] A..
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2a, mm

Fig. 4 A plot of Gcrack(nom) Vs Width of the narrowest cross
section for composite laminates with 0.5 mm thick Nb
lamina and 0.075 mm notch tip radius.
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Fig. 5 A plot of Gcrack(max) Vs width of the narrowest cross
section. The data for the laminated composites are
calculated from the data in Fig. 4.

the measured Ocrack(nom) in Fig. 4 can be used to
calculate Gcrack(max) for the laminated specimens.

The calculated Gerack(max) are presented in Fig. S5as a
function of width of the narrowest cross section. In
principle, the stress to initiate cracks at notch tips
for all the specimens should be the same in spite of
different notch depths. However, Fig. 5 shows that

the measured Ocrack(max) is lower for deeply
notched specimens than other specimens. It is
believed that this conflict is caused by the residual
thermal stresses which contribute a tensile stress in
y direction (Fig.1) of about 19 MPa to the MoSi;
adjacent to the interfaces [19). Superposition of the
residual stresses to the external ctress results in a

drop of Gcrack(max) When width of the narrowest
cross section is small.

Effect of notch size on the measured
Gcrack(nom) is shown in Fig. 6. Taking 310.4 MPa as
the stress to initiate cracks at the notch tips in the
laminated specimens, Ocrack(nom) has been
calculated using eq. (2) as a function of notch size
and the results are also presented in Fig. 6. As
expected, the theory of notch stresses predicts

increase of Gcraciinom) With increasing radius of

notch tip. However, the measured Gcrack(nom) Shows
no increase or a very small increase from 65.86 +
12.48 to 71.15 £ 16.32 and then to 69.62 + 10.14 MPa
as radius of the notch tip increases from 0.075 to
0.165 and then to 0.27 mm. The results suggest that
when radius of the notch tip is large, such as 0.165
and 0.27 mm, the stress to initiate cracks at the
notch tips is no longer controlled by radius of the
notch tips, but by intrinsic defects such as porosity
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Fig. 6 Effect of notch size on the nominal suess for
initiating cracks in the matrix.

in the matrix or the defects introduced during the
notching. Close examination of Fig. 2(b) reveals that
some defects are indeed introduced at the notch tip.
Such defects could become decisive factors when
radius of the notch tip is large. The results indicate
that a small radius of notch tip should be used if the
stress to initiate cracks at the notch tips is to be
controlled.

3.3 LOAD-DISPLACEMENT CURVES - Fig. 7 shows
effect of notch depth (0.075 mm tip radius) on the
load-displacement curves of laminated composites
with 0.5 mm thick Nb lamina. Sudden load drops
in curves A and B correspond to the load for
initiating cracks at the notch tips. The load for
initiating cracks in curve C is about 40 lbs and it is
hard to ascertain from the curve because of small
load drop. The reason the load drop in curve C is

240
4 Width of the narrowest cross section
200 4 A c A: 3.80 mm
4 / B: 282 mm
160 1 / C:1.14mm

load, Ib

120
.
80 4
40 1 5
0 . g g \a Y
0 0.2] 0.42 0.63 0.84 1.05

displacement, mm

Fig. 7 Effect of notch depth on the load-displacement curves
of constrained Nb




Fig. 8 A SEM micrograph of a laminated specimen
unloaded after the specimen has passed the sudden
load drop in the load-displacement curve.

small is because the matrix only carries a small
portion of the tensile loading when the width of
the narrowest cross section is small. It is
noteworthy that when width of the narrowest cross
section is large, the stress to initiate cracks could be
high enough to distort intrinsic load-displacement
curves of the constrained ductile reinforcement, as
in the cases of curves A and B.

A proper design of notch depth should
remain an appropriate degree of elastic constraints
on the ductile phase, and on the other hand it
should prevent distortion of the load-displacement
curves of the constrained ductile phase. Based on
this guideline, the width of the narrowest cruss
section for curve C is deemed as an appropriate

. 800
{ === 0.25 Nb
o $00 4 —4—— 05 Nb
[ 1-—6-— 1.0Nb
= 400+
g 300 -
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2a, mm

Fig. 9 A plot of notch depth vs the nominal stress carried by
different sizes of constrained Nb laminae right after
the crack propagation through the whole matrix.

notch depth and the area under curve C is regarded
as a truly representative of the rontribution of the
ductile reinforcements to the toughness of a brittle
matrix composite.

The present experiments showed that cracks
propagated through the whole matrix as soon as the
cracks were initiated at the notch tips, and from that
point on the load was carried only by the central Nb
lamina. Fig. 8 shows such a typical crack
propagation. Nominal stress carried by the central
Nb lamina right after the crack propagation

through the whole matrix, ¢°*Mb(nom). is calculated
using eq. (2) by assuming that 310.4 MPa is the stress
to initiate cracks at the crack tips and the load
reached at the point of initiating cracks is carried
totally by the Nb lamina. The calculated results for
different thicknesses of Nb laminae are plotted as a
function of width of the narrowest cross section in
Fig. 9. The maximum stress reached by the
constrained Nb measured from the load-
displacement curves are 351.3 * 25.7, 320.4 £ 14.6
and 259.9 * 22.9 MPa for Nb laminae with a
thickness of 0.25, 0.5 and 1.0 mm, respectively. The

present experiments showed that if 6" Nb(nom) Was
below about half of the maximum stress reached by
the constrained Nb lamina, then the stress to
initiate cracks was not high enough to distort the
intrinsic load-displacement curves of the
constrained ductile phase. Half of the maximum
stress reached by each size of constrained Nb lamina
is indicated by arrows in Fig. 9. Thus, a proper
combination of size of ductile reinforcement and
depth of notch can be found in Fig. 9.

400

A Width of the narrowest
Cross section

c A:0.65 mm

B: 0.9 mm

C: 1.6 mm

0 021 042 063 084 1.05 1.26
Displacement, mm

Fig. 10 Stress-displacement curves for difierent sizes of
constrained Nb laminae. The thickness of the Nb
laminae is (.25, 0.5 and 1.0 mm for curves A, B
and C, respectively.



Examples of stress-displacement curves
resulted from a proper combination of
reinforcement size and notch depth are showed in
Fig. 10. The widths of the narrowest cross section in
the figurc are 0.65, 0.9 and 1.6 mm for 0.25, 0.5 and
1.0 mm thick Nb laminae, respectively. It can be
seen that with such combinations the load drop in
the curves is at the lower stress level and very hard
to ascertain. Thus, the area under the curves can be
regarded as the contribution of Nb to the toughness
of MoSiz matrix composites. From Fig. 10 and eq.
(1), it is concluded that toughness of ductile-phase-
reinforced brittle matrix composites increases with
increasing size of ductile phases.

IV. CONCLUDING REMARKS

The present set of experiments demonstrate that
the formula proposed by H. Neuber to describe the
stress distribution of a flat bar with a deep notch on
each side can be used to estimate the stress
distribution for both notched monolithic and
composite laminate tensile specimens. The stress to
initiate cracks at the notch tips in the brittle matrix
can be predicted using the formula and such stress
has been found to be equal to the flexural strength
of the basic matrix.

Evaluation of notch size effect indicates that
a small radius of notch tip should be used for a
better control of the stress to initiate cracks in the
matrix. It is shown that in order to remain an
appropriate degree of elastic constraints on the
ductile phase and at the same time prevent the
distortion of the stress-displacement curve of the
constrained ductile phase, the nominal stress on
the ductile phase at the point of crack initiation in
the matrix should be below about half of the
maximum stress reached by the constrained ductile
phase. Thus, to avoid the distortion of the stress-
displacement curve, notch depth should increase
with decreasing size of - constrained ductile
reinforcement.

Although no experiment on composite
cylinder specimens has been conducted, it is
recommended that the formula proposed by H.
Neuber to describe the stress distribution for a
tensile rod with a deep circumferential notch could
be used to analyze the notched composite cylinder
specimen using an approach analogous to the
Present analysis of composite laminate specimens.
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APPENDIX

Finite element analysis (FEA) of the stress
distribution in the notched composite laminates
during the elastic deformation was implemented
using the finite element software package ANSYS.
Due to the symmetry, only one quarter of the
specimen was analyzed using both two-
dimensional 4-node isoparametric and 6-node
triangular elements with an assumption of plane
stress deformation. Fig. 11 shows the mesh used in
the analysis. A total of 184 elements were used. The
displacement at the central plane along y-axis was
allowed only in the y-direction, and the plane of the
narrowest cross section was allowed to displace only
in x-direction.

Stress distributions over the narrowest cross
section from analysis of the theory of notch stresses
and FEA are shown in Fig. 12 . The input data for
the analysis are as follows: the Nb lamina is 0.5 mm
thick, width of the narrowest cross section is 1.0
mm, radius of notch tips is 0.075 mm and the
nominal stress over the narrowest cross section is
66.75 MPa. It is noted that the stress distributions
analyzed using both methods are very similar with

Y 2.5 mm
- .-‘ .-
1
]
( D\
‘\
£ \‘ 15 mm
) )
...... ‘ X
0.5 mm : , 0.075 mm

. B

Fig. 11 Mesh used in the FEA.
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Stress, MPa
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0.0 0.1 0.2 0.3 04 0.5 0.6
Distance from the axial central plane, mm

Fig. 12 Comparison between FEA and the theory of notch
stresses on the stress distribution over the
narrowest Cross section.

the maximum stress at the notch tip predicted from
the theory of notch stresses 3% higher than that
predicted from FEA. The results indicate that the
assumptions mentioned in Section 3.2 only
introduce 3% error either to the calculation of the
maximum stress at the notch tips or to the
calculation of the nominal stress over the
narrowest cross section.

It is also noted that ratio of the stress in the
MoSi3 side to that in the Nb side at the interface is
not 3.6 (ratio of the Poisson's ratios of MoSi3 to Nb),
but equals to 2.01 for FEA. It is believed that the

“deviation of the stress ratio from 3.6 is due to the

presence of the precracks because if there are no
precracks in the FEA, the ratio of the stresses
becomes 3.6.




STUDY OF THE FLOW BEHAVIOR OF CONSTRAINED DUCTILE PHASES

------ I. EXPERIMENT
Lingang Xiso
Department of Materials Science and Engineering, University of Florida,
Gainesville, FL 32611
Abstract
Effects of the matrix/reinforcement interface, and the mechanical properties and size of the ductle
reinforcement on the flow behavior of the constrained ductile reinforcement have been evaluated - ~

using a tensile test on a single Nb lamina imbedded in MoSiz matrix. Three different thicknesses
of Nb foils (1.0, 0.5 and 0.25 mm) have been tested. Variation of interfacial bonding was
achieved by depositing an oxide coating (Al204 or ZrO3) or by the development of a reaction
product layer between the reinforcement and matrix. It was found that work of rupture of the
ductile reinforcement increased with size of the ductile reinforcement and with decreasing
bonding strength at the matrix/reinforcement interface. Such results suggested that both of
increasing size of ductile reinforcement and obtaining a relatively weak interface were conducive
to toughness of the composites. It was also found that the work of rupture normalized by size
and reld strength of the reinforcement was dependent on the interfacial properties and size of the
reinforcement. The results were interpreted in terms of the'dependence of the decohesion length
on the interfacial properties and size of the reinforcement.




L_Introduction

Numerous studies have shown that improved fracture toughness can be achieved by the
incorporation of a ductile second phase into a brittie matrix. Examples of current or potential
technological significance are tungsten carbide toughened with cobalt network (1,2], zirconia
toughened with zirconium network (3], alumina toughened with dispersed molybdenum {4],
magnesia toughened with cobalt and nickel particles or fibers [5), and glass-enamels toughened
with dispersed aluminum and nickel particles [6]. Successful toughening has also been observed
in titanium aluminide [7) and molybdenum disilicide [8,9] reinforced with niobium pancake or
filament.

The primary toughening mechanism of ductile reinforcement has been atrributed 10 the bridging
of ductile ligaments [10-14). The contribution to fracture toughness from bridging can be
estimated by extending cohesive force model [15] to ligament bridging [11,12] and can be
written as

Ac;.vfjo G AU ememresessressesesirsn 1)

where o(U) is the nominal stress carried by the constrained ductile reinforcement for a given
crack opening U, Vf is volume fraction of the ductile reinforcement, U* is the crack opening at

the point when the ductile reinforcement fails and the definite integral, designated as £, is the
work of rupture of the constrained ductile ligament. Thus, the key to predict the increased
fracture toughness is 1o calculate o(u) as a function of crack opening. Recognizing that o(u) is
different from that measured in a simple tensile test, several investigators [16-18) have used a
test procedure to evaluate G(u). The test procedure is based on the concept that the stress-
displacement relationship obtained from one ductile reinforcement imbedded in a brittle matrix
can be used to describe the mechanical characteristics of the reinforcements in the composites.
Their results demonstrated that flow behavior of constrained ductile phases was govemed by the

yield strength, 69, work hardening coefficient, n, and the decohesion length, d, at the
matrix/reinforcernent interface. Clearly, more work needs to be done in this area to evaluate the

effect on 6(u) of the intrinsic properties of the ductile reinforcement (yield strength, work
hardening and ductility), interfacial properties and size of the ductile phases.

The principle intent of the present study is to experimentally examine the effects of properties of
the matrix/reinforcement interface and size of ductile phase on its flow behavior, and therefore on
the enhanced fracture toughness of the composite. The system selected for investigation was
MoSi2 matrix reinforced with Nb. Since the two components used have similar coefficients of
thermal expansion, the residual thermal stresses were minimized, thus simplifying the present
stress analysis. Specimens with laminated form have been used, because of the ease of
producing the composites with conrolled properties, but it still serves the purpose of the present
study. The results showed that work of rupture of the ductile reinforcement increased with size
of the ductile reinforcement and with decreasing bonding strength at the matrix/reinforcement
interface. Such results suggested that both of increasing size of ductle reinforcement and having
a relatively weak interface are conducive to toughness of the composites.

1. Experimental

Disc shaped laminated specimens were prepared by stacking a Nb foil with two layers of MoSi;
powder (-325 mesh) at an appropriate ratio, and then vacuum hot pressing at 1400°C for 1 hour
under a pressure of 40 MPa. In order to minimize residual thermal stresses, the hot pressed discs
were held in the hot pressing chamber at 800°C for 1 hour before cooling down to room
temperature. The residual thermal stresses induced with such processing have been estimated to
be small with a tensile stress of 19 MPa in the matrix and a compressive stress of 79 MPa in the
Nb on the lamina plane [19). Three different thicknesses of Nb foils (1.0, 0.5 and 0.25 mm)
with a purity of 99.8% were used to prepare the laminated specimens. Varation of the
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No matrix/reinforcement interfaces was achieved
by depositing different oxide coatings

y (Al203 or ZrO3) 1o the Nb surface prior 10

the hot pressing or by the development of a
reaction product layer between the matrix
and reinforcement. Details of the coating

MoSiz \* procedures can be found in Reference (9).
The hot pressed discs werc cut into
rectangular tensile test bars with dimensions

—  S— of 5.0x3.9x30.0 mm, as shown in Fig. 1.

Straight-through notches in the MoSiz
matrix were inroduced using a diamond
wafering blade with a thickness of 0.15 mm.
Distance from the notch tip to the laminate

interface is 300 um for 1.0 mm thick Nb

Fig. 1 S.hematic of a composite laminate test lamina and 200 pm for 0.5 and 0.25 mm
s§ ¢cimen. thick Nb laminae. Such distances have been
found to be small enough not to distort the
stress-displacement curve of the constrained ductile reinforcement and at the same time remain an
appropriate degree of elastic constraint from the matrix [20).

Disglacemem controlled tensile tests were conducted using INSTRON with a displacement speed
of 0.005 in/min. The wedge type grips were used to clamp the specimens and load train
alignment was achieved by coupling the top grip to a universal joint. The load was recorded as a
function of cross head displacement.

To obtain the intrinsic mechanical properties of Nb used, tensile and hardness tests were
conducted on the as-received and processed Nb foils. The processed Nb foils were obtained
from hot pressed ZrO7 coated Nb/MoSiz composites by breaking all the MoSiz on both sides of
the Nb foil. This is not very difficult to do due to a relative weak bonding between Nb and
MoSi; at the presence of 2 ZrO; coating layer (it is described in Section 3.2) .

[IL_Results and Discussi
3.1 Mecharical Progerties of U ined Niobi

Properties measured from the processed Nb and as-received Nb are summarized in Table 1. The
data show that strength of Nb has increased after hot pressing except for the 1.0 mm Nb foils,
but the rate of strain hardening increased for all the niobium. Such changes are belicved to be due

Table 1. Mechanical properties of the niobium used

Processing As received Hot pressed
condition (ZrO; coated, 14009C, 40 MPa for 1 hr)
- Thickness o 1 . . X . .
Nb foil (mm)
Microhardness (HV) 110 9.4 82.3 104 114 131
Yield strength (Gg, MPa) 204 121 123 180 211 236
Tensile swength (G, MPa) 277 195 204 221 260 285
Elongation (§) 0403 0.523 0.468 0.317 0.175  0.103
Strength coelficient (MPa) 453 333 770 356 363 386
Strength hardening
coefficient (n) 0.173 0.245 0243 0.165 0.085 0.076
Og/HV 1.85 1.52 1.49 1.73 1.85 1.80
OW/HV - 2.52 2.45 2.48 2.12 2.28 2.1
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Fig. 2 Optical microstructures of Nb foils. (a) as-reccived, 1.0 mm thick; (b) processed , 1.0
mm thick; (c) as-received, 0.5 mm thick and (d) processed, 0.5 mm thick. Note that different
magnificadons are used.

to a combination of two competitive processes during hot pressing: (1) grain growth of Nb, as
shown in Fig. 2; (2) solid solution strengthening because of the equilibrium of Nb with the
silicides formed at the matrix/reinforcement interface, as shown in Fig. 3. For 1.0 mm Nb foils,

grain size has changed from 15 to ~500 um, which leads to a large decrease in strength and
overshadows the increase due to the solid solution hardening. For 0.5 and 0.25 mm Nb foils,

grain size has changed from 50 t0 ~370 um and from 48 10 ~300 pum, respectively. However,
shorter diffusion distance to the center of the niobium has made solid solution hardening
dominate over the softening due to the grain growth. Therefore, 0.5 and 0.25 mm Nb foils show
an increased strength after hot pressing.

Itis noted in Table 1 that the tensile suength and Vicker's hardness exhibit a definite relauonship,

i. e, Ou/HV equals 10 2.48 + 0.04 and 2.19 £ 0.08 for the as-received and processed Nb,
respectively. Such definite relation has also been reported for other materials [21]). Ratio of the
yield strength to the Vicker's hardness is also approximately a constant, as shown in Table 1.
The results indicate that it is reasonable to infer the strength of the niobium from the hardness
measurcd. Hardnesses of Nb hot pressed with different conditions ire summarized in Table 2.
The 1able shows that the hardnesses are almost the sime for each group of Nb based on the size.
Due to such hardness results, the stress-strain relations for the unconstrained uncoated and Al203
coiated Nb can be assumed to be the same as that of the processed Nb which is the ZrO; uncoated
Nb beforc MoSiz on both sides of the Nb foils has been broken away,
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Fig.3 Interfacial microstructures of (a) uncoated, (b) Al;03 coated and (¢) ZrO; coated

Nb/MoSi2 laminated composites.
Typical engineering stress-strain curves for
300 ——a A025mm | different sizes of the processed Nb foils are
. —B B:0Smm shown in Fig. 4. As seen in the figure,
240 C: 1.0mm strengths and rate of work hardening are
. different for different sizes of Nb. It is
£ 180 C believed that such difference is mainly due to
= the differences in grain size and solid
g 120 solution strengthening, as discussed above.
- From the above discussion, it is clear that
60 the intrinsic mechanical properties of the Nb
0 reinforcement in the composites are different

from those of the Nb before the

0 0.078 0'157, 06 0315 compositing. It is believed that such change

Suain - in properties duc to hot compaction

Fig. 4 Typical engineering stress-strain curves  processing is a common phenomenon for

for three different thicknesses of the processed  ductile-phase-reinforced brittle matrix

Nb foils. compasites, because most of them have to

be fabricated with high temperature processing techniques. Even in chemically compatible

composites, change of grain size will cause property change of the ductile reinforcements. Such
change imposes difficulty on the prediction and modeling of the composite properties.

3.2 Failure Mechani { Relatcd OF . Constrained Niobi

An edge view of the unconstrained and constrained uncoated Nb foils after tensile test is shown
in Fig. 5. As seen in the figure, Nb foils fail by drawing down to a wedge for both the
constrained and unconstrained conditions. All three different sizes of Nb foils show the same

failure mechanism, as shown in Fig. 5. Furthermore, such necking is also observed for all the
coated Nb.

Details of the interfaces for the coated and uncoated foils are shown in Fig. 3. As seen in the
figure, the coated foils contin three interfaces between the matrix and reinforcement:

Table 2. Microhardness of Nb with different processing conditions
(hot pressed at 14000C, 40MPa for 1 hr)

Thickness of 1.0 0.5 0.25
Nb foil {mm)

Processing  Uncoated Alz03 ZrO2  Uncoated Al:O3 2r0O;  Uncoated AlRO3 207
condition couted coated coated coated coated coated
HV 104 106 10)4 118 16 114 131 134 131
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Fig. 5 An edge view of fractured specimens, showing contour of the neck. (a) is a
unconstrained, processed Nb foil with a thickness of 1.0 mm, (b), (c) and (d) are constrained Nb
with thicknesses of 1.0, 0.5 and 0.25 mm, respectively. Note that different magnifications are
used.

MoSiy/coating/NbsSi3/Nb; whereas, the uncoated foils contain two interfaces :
MoSi2/(Mo,Nb)sSi3/Nb. Examination of the microstructures on the tested specimens show that
decohesion of the Al203 and ZrO; coated Nb from the mamix was largely due to debonding at th-
interfaces, as shown in Fig. 6, while decohesion in the uncoated Nb came largely from the
mawix fracture, as shown in Fig. 5. This is
in agreement with a related study (22],
which shows that the uncoated interface has
a higher interfacial fracture energy than the
fracture energy of the marrix, while the
oxide coated interfaces have a lower
interfacial fracture energy than the matrix.
Thus, it is expected the matrix would
fracture before the interface fails in the case
of the uncoated Nb, as contrasted with
predominance of interfacial failure in the
casc of the coated Nb.

Both interfacial faiture and matrix fracture
create  a “pauge  lengtht  at  the
matrix/reinforcement anterfuce which is
Fig. 6 An cdge view of a fractured A12O3  virtually a region free from constraints of the
coated Nb/MoSiz composites laminate, showing matnx and 1s called decobesion Jengih i the
wnterfacal debonding teat The measured decohesvion fenahs are

. 20KV %30:1 . 0853 1000.C0. UFNSE.
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Table 3. Decohesion length in the MoSiz/Nb composites
(hot pressed at 14000C, 40MPa for 1 hour)

Thickness of 1.0 0.5 0.25

Nb foil (mm)

Processing  Uncoated AlZ03 Zr0; Uncoated Al03; 2302  Uncoaed ARO3; 20z
condition coated coated coated coated coated coated

on cSion sion 3
length(mm) 10+5 alltheway 29404 3.310.4 all the way 0.86+0.09  1.3010.61
to the grips. to the grips.

summarized in Table 3. The data show that within cach size group, decohesion length increases
from the uncoated 1o AbO3 coated and then to ZrO; coated Nb/MoSiz2 composites. Such results
are consistent with the measurement of the interfacial fracture energy [22], which shows that the
uncoated NtYMoSiz has the highest interfacial fracture energy, followed by the Al2O3 coated and
then ZrO7 coated NtYMoSi; composites.

Increase of the decohesion length with the thickness of Nb foils, as shown in Table 3, is believed
to be mainly related to the necking of the Nb. Fig. 7 shows schematically effect of the necking on
the decohesion length. Length of the Nb region affected by necking, 2H, is proportional to the
thickness of the Nb, as shown in Fig. 5. Approximately, H is 1.3 times of the thickness of Nb,
measured from Fig. 5. Large lateral displacement of Nb in the necking affected region gives rise
10 large transverse swesses which lead to the interfacial debonding and/or matrix fracture. Thus,
the thicker the niobium, the longer the necking affected region, and therefore the longer the
decohesion length. If the interface bonding is relatively weak, such as the Al203 and ZrO; coated
interfaces, the transverse stresses aroused by lateral displacemnent of the Nb during uniform strain
can be large enough to cause the interfacial debonding all the way to the test grips. During the
uniform strain, the lateral displacement of Nb right at the interface is proportional to thickness of
the Nb. Therefore, decohesion by this mechanism is casier to occur in thick Nb composites than
in thin Nb counterparts, as indicated in Table 3. '

The failure mechanism observed in the present study suggests that flow behavior of the
constrained Nb can be simplified into three stages: (1) elastic deformation; (2) plastic deformation
within the decohesion region; (3) localized plastic deformation within the necking region. Such
processes are illustrated in Fig. 8. The crack opening of the matrix can be directly related to the
deformation of Nb in the decohesion zone. At the early stage of crack opening, Nb only

Nb |  MoSi2 Ny MaSi2
2t
x, 2
T — e
Crack .-
\—J ——  |2n, :gL # 2H;
Transverse swresses O G- r -
caused by different —=t— [ == |.
tateral displacements The region <
affected by ‘ r
T necking
shear stresses
caused by load
ansfer
1>,
Thick Nb lll >H, Thin Nb

Fig. 7 A schematic showing erfcc?l of nccking on the decohesion length.
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Decohesion

length, d e _ = YT 2H ?’ -,
iy -- " d+U [ TRT FERS
M -
by
2. Elastic deformasion, b. Plastic deformation, ¢. Localized deformation.

Fig. 8 A schematic of three stages of deformation for constrained Nb. 2H is the length of
the necking affected region, 2a is remaining thickness of the reinforcement and U is
displacement.

undergoes elastic deformation, as shown in Fig. 8a. As crack opening increases, Nb enters the
stage of plastic deformadon (FFig.8b). At last, the work hardening rate of the niobium at the
central portion of the decohesion region is lower than stress increase rate due 1o decrease in the
cross section area of the reinforcement, the localized deformation begins (Fig.8c¢), which lead to
the final failure of the Nb lamina. Such simplified deformation processes can be used to model
stress-displacement behavior of the constrained Nb, as presented in a related study {23).

3.3 Suress-Displ . ¢ Consmained Niobi

Fig. 9 shows typical stress-displacement curves for the uncoated Nb foils with different
thicknesses constrained in MoSi2 matrix. The parameters measured are summarized in Table 4.

The work of rupture normalized by the yield strength, ag, and half thickness of ductile phase, t,

I"b_@gu
Oo

is presented as Ejin the wuble and is called the normalized work of rupture in the text for
convenience. As seen in the figure and table, due to the different intrinsic propenties, the

maximum stresses reached by the constrained Nb, Omgy, are different for different sizes of Nb.
However, if the Omax is normalized by its own yield strength, the normalized maximum stress.

Gmax/Co. exhibits an independence on size of Nb. This result suggests that the maximum stress
reached'is not a function of size of the ductile phase. It is noted that the work of rupture increases
with size of Nb, indicating that large size of ductile reinforcement is more effective in improving
toughness of the brittle matrix composites. Such size dependence of work of rupture is believed
10 be due to the increase of decohesion length with increasing size of the ductile phase. It is also
noted that the normalized work of rupture shows a dependence on size of Nb. E; increases with
increasing size of the niobium. The size dependence of the normalized work of rupture is again
ateributed to the size dependence of the decohesion length [23). This result suggesis that the data
of the normalized work of rupture obiained flg;\ the test on large stze of ductile reinforcements




o
o

,

Table 4. Parameters measured from the uncoated Table 5. Parameters measured from the

Mb/MoSiz laminates composites with 0.5 mm thick Nb lamina
2t Omax SCma/Co 3 E Processing  Omax Omax/Co & E
(mm) (MPa) ;Jhﬁ?a condition  (MPa) (J/im?)
J 4 o uncoated 330 1.54 239,000 4.3
0.5 320 154 239000 45 AlO3coated 310 1.47 243,000 4.6
0.25 351 1.49 85,000 2.8 ZrOzcoated 275 131 429,000 8.1
400 350,

A A:uncoated
8: Al203 coated
C:2r02 coated

MPa
N
*»
(-]

Stress,
@
Q

100 1004
so]
0 P
0 021 042 063 084 105 126 ) 042 084 126 168

Displacement, mm -

Disptacement, mm

Fig. 9 Typical suus-disphcumt curves of Fig. 10 Effect of the coatings on the stress-
constrained, uncoated Nb laminae with displacement curve, measured from
different thicknesses. composite laminates with 0.5 mm
thick Nb lamina.

cannot be extended to small size of the reinforcements directly.

Effect of coatings on the stress-displacement curves is shown in Fig. 10. The parameters
measured are summarized in Table 5. The data show that as the decohesion length increases, i.e.,
the constraints on the reinforcement decreases, the work of rupture increases. This is not
surprising since the longer the decohesion length, the more ductile material participates in the
plastic deformation, and therefore the more energy is consumed before fracture occurs. It is
noted that as the decohesion length increases, the normalized maximum stress decreases,

indicating that increasing constraints on the ductile phase increases the Gmax. This is consistent
with theoretical analyses [11,13,16). Table S also shows that the normalized work of rupture is
dependent on the interfacial bonding strength. This is believed to be due to the increase of work
of rupture with increasing decohesion length. The above results indicate that limited decohesion
enhances the energy consumed to fracture the constrained ductile reinforcement, and therefore
improves toughness of the composites.

V. Concluding Remarks
The present set of experiments demonstrate that flow behavior of constrained ductile
reinforcement depends strongly on the intrinsic propertics and size of the reinforcement and the
properties of the matrix/reinforcement interface. The maximum stress reached by the constrained
reinforcement increases as the strength of the reinforcement and constraints increase.
Constraints, indicated by decohesion length, are found to be related to the interfacial propenies
and size of the reinforcement. Decohesion length increases from the uncoated to the oxide coated
laminates and increases with increasing size of the reinforcement. Dependence of decohesion
length on size of the reinforcement is atributed to the dependence on size of the reinforcement of
the length of the necking affected region and the lateral displacement difference between the
matrix and reinforcement at the interface. The results indicate that both weak interface and large
size of reinforcement improve toughness of the composiles.
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The normalized work of rupture, E;, is found dependent on size of the reinforcement. E,
decreases with decreasing size of the reinforcement and increases with decohesion length. This
result suggest that more work needs to be done before the data of the ronmalized work of rupture
obtained from the test on large size of ductile reinforcements can be extended 1o small size of the
the reinforcements.

Based on the observation, the flow behavior of the constrained reinforcement has been snmphf‘ ed
into three stages: (1) elastic deformation; (2) plastic deformation within the decohesion region;

(3) localized plastic deformation within the necking region. Such simplified deformation
processes enable the modeling of the stress-displacement relation to be implemented.
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STUDY OF THE FLOW BEHAVIOR OF CONSTRAINED DUCTILE PHASES
----------- il. MODELING

Lingang Xiao

Department of Materials Science and Enginecring, University of Florida,
Gainesville, FL. 32611

Abstract

Brittle materials can be toughened by incorporating ductile reinforcements into them. To evaluate
the toughening b{ ductile reinforcements, it is necessary to know the stress-displacement relation
of the ductile phase constrained b{ the brittle matrix. In the present study, based on the
observations from tensile tests on the specimens of a single Nb lamina imbedded in MoSi;
matrix, an analytical model is devel which gives insight into the influence on the stress-
displacement curve of yield strength, work hardening, matrix/reinforcement interfacial bonding
strength and size of the reinforcement . A chasscteristic decohesion length, which is & function of
size of the reinforcement, has been identified by the model and related o the measured
decohesion leagth. The results allow the extrapolation of the work of rupture measured from
large size of constrained ductile phases to small size of the ductile phases. As the reinforcements
used in composites are usually smaller in size than those tested in such tensile tests, the
extrapolation of the work of rupture allows the contribution of ductile reinforcements to the
toughness of & britde matrix composite to be calculated.
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L_lntroduction
It has been established that substantial 1oughening of brittle matrices can be achieved by
incorporating ductile reinforcements [1-9). The primary toughening mechanism of ductile
reinforcement has been attributed to the bridging of ductile ligaments {10-14], although the
ductile reinforcements may also increase toughness by crack deflection and by trapping
mechanisms. The contribution to fracture toughness from bridging can be estimated by extending
cohesive force model [15] 1o ligament bridging (11,12] and can be wrinen as

U.
AG"’[I CUY AU crereeeemeemmseess s ssensene (1)
0

where o(U) is the nominal stress carried by the constrained ductile reinforcement for a given
crack opening U, Vfis volume fraction of the ductile reinforcement, U* is the crack opening at

the point when the ductile reinforcement fails, and the definite integral, designated as £ in the
text, is the work of rupture of the constrained ductile ligament. Thus, the key point to predict the

increased fracture toughness is to calculate o(U) as a function of crack opening. Due to the
difference between o(U) and that measured in a simple tensile test, several investigators have

attempted to relate 6(U) to the uniaxial stress-strain properties of the ductle phase. The methods
used included a slip line ficld analysis {11,12], finite element methods [11,13], spring models

(10,14) and geometric models (11,13,16]. Their results indicated that 6(U) was dependent on
the intrinsic properties of the ductile phase and the constraint conditions. However, direct
comparison of stress-displacement curves between the models and experimental results is not
very satisfying in magnitude, although the general trends are the same for the models and
experiments. The extrapolation of the work of rupture measured from large size of constrained
ductile phases to small size of the ductile phases also needs to be investigated.

The present study is aimed to model the stress-displacement relation and to examine the
feasibility of extrapolation of the work of rupture measured from large size of constrained ductile
phases to small size of the ductile phases. Based on the observations from tensile tests on the
specimens of a single Nb lamina imbedded in MoSiz matrix, an analytical model is developed
which gives insight into the influence on the stress-displacement curve of yield strength, work
hardening, matrix/reinforcement interfacial bonding strength and size of the reinforcement . A
characteristic decohesion length, which is a function of size of the reinforcement, has been
identified by the model and related to the measured decohesion length. The results allow the
extrapolation of the work of rupture measured from large size of constrained ductile phases to
small size of the ductile phases and allows the contribution of ductile reinforcements to the
toughness of a brittle matrix composite to be calculated.

The symbols used in the text are defined in Table 1.
II._Medeling
2.1 Experi Lot .

It has been shown (17,18) that the failure of the constrained Nb laminae in MoSiy matrix
involves the following scenario. When an advancing crack just impinges a Nb reinforcement, no
debonding at the matrix/reinforcement interface occurs. As external load continues to increase,
debonding at the interface and/or multiple fracture of the matrix near the interface occur due to a
relatively large lateral deformation of the Nb reinforcement compared to the marrix and load
transfer from the matrix to the reinforcement. Then come the necking and fracture of the niobium
as the load continues to increase. The observations [17] lead to a simplified flow behavior of the
constrained Nb which can be divided into three stages: (1) clastic deformation; (2) plastic
deformation within the decohesion region; (3) localized plastic deformation within the necking
region. Such deformation processes are illustrated in Fig. 1. At the early stage of crack opening,
Nb only undergoes elastic deformation, as shown in Fig. 1a. As crack opening increases, Nb
enters the stage of plastic deformation (Fig.1b). At last, the work hardening rate of the niobium
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at the central portion of the decohesion region is lower than stress increasc rate due to decrease in
the cross section area of the reinforcement, the localized deformation begins (Fig.1¢), which lead
to the final failure of the Nb lamina.

In the present study, displacement of the stress-displacement curve is assumed to only come
from the deformation of Nb lamina inside the decohesion region because the Nb outside the
decohesion region is bonded to the matrix and only undergoes elastic deformation. Contour of
the Nb lamina in the decohesion region is assumed to be part of the outside surface of a cylinder
with a varied radius of R for all the stages of the deformation, as shown in Fig. 1. Such
assumption is a good approximation to the real contour of the Nb observed in the experiments
(17] and makes the calculation possible. To generate data of the nominal axial stress-
displacement curve (G-U), U is measured as the axial displacement of the matrix point at the

boundary of the decohesion region, while O is computed from the total force excried on the
remaining cross section of the midplane at the neck, normalized by the original midplane area.
Plane strain is assumed for the computation in all the stages.

Table 1. Symbols and definitdion The true suess-strain relations of the Nb
laminae used in the calculation are
3& remaining d;xckness of reinforcement
decohesion length =356 ¢, 0.165 (MPa) for 1.0 mm Nb
dc  characteristic decohesion length % & om: )
dm  measured decohesion length oy =363 ¢ (MPa) for 0.5 mm Nb
E  Young's modulus : oy = 336 6,09%6 (MPa)  for 0.25 mm Nb
Ei  nommalized work of rupture
v oAU e )
Co t The above equations are obtained from the
. direct measurement on the unconstrained hot
&  truestam pressed Nb which is different from the Nb
€,  mean strain in x-direction at the midplane  prior to the compositing because of change
of the neck during elastic deformation of the properties of the Nb during hot

AG  increment in toughness caused by ductile compaction. Use of the above equations
allow us to compare the model to the

reinforcement . ¥ .

inforce . experiment directly. Details of the

zH mhh:(r.d,:::fl coeﬁ;\:i:ffmected by necking measurement of the truc stress-strain
L, .g relations for the unconstrained hot pressed

B Poisson’s ratio ‘ Nb can be found in Reference [17). The
R radius of contour of the neck yield strengths, G, of three different sizes
g siress of Nb laminae measured are also different
o cffective stress due to different grain sizes and solid solution
Oo yield strength strengthening [17]). The yield strengths are

. . 180, 211 and 236 MPa for Nb laminae with
Omax maximum stress reached by constrained 3 thickness of 1.0, 0.5 and 0.25 mm,
reinforcement respectively.
Oy  yield stress of constrained reinforcement

Oza stress in z-direction at the free surface of 2.2 Stage of Elastic Deformation

neck

2t initial thickness of reinforcement

U axial extension equal to crack-opening
displacement

U* crack opening displacement at failure of
ductile reinforcement

Vr  volume fraction of ductile reinforcement

o
J o(U) du
&  work of rupture, Jo Assumption (1) and the assumed contour
relate the displacement, U, to the radius of
the cylinder, R, as

To compute ©-U data for elastic
deformation, two more assumptions are
made: (1) the volume-conserving nature of
large scale plastic deformation is also
applicable to this stage; (2) the effective
stress across the midplane of the neck is
constant.
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Decohesion X f - R
length. d _ .
R
.
Y
a. Elastic deformation, b. Plastic deformation, ¢. Localized deformation.
Fig. 1 A schematic of three stages of deformation for constrained Nb.
@+uy® 4 U '
R= —ﬂ—tu- + 3- m ............ (3)

Assumption (2) renders Bridgman formula for a necking plate [19)
2 J0
Gz(":')'f’x(%)‘[R*%("%i)];f ................. @

computable even for elastic deformation. x and a in the above equation are defined in Fig. 1.
Although the assumed contour and constant effective stess do not represent the real situation of
the decohesion region, they introduce negligible error to the work of rupture (see the Appendix).

With the assumption (2), boundary conditions at the neck and plane strain assumption, the stress
component O at the midplane of the neck can be related to the stress Oya, which is O3 at the free
surface of the neck, as follows

ol =c2+ a2 -(l—f—zu—-izz)-c, - O (5)
(1-p+p9H

Introduction of the Poisson’s ratio of Nb (1=0.39) into eq. (5) yields
°z = 0.968 Ox + ou JEOTOPR——— 6)

Substitutng eq. (6) into eq. (4) and solving for Oy yield

R )0.032
C,=0,(31.25-31.25 a = N
(%+1-L)o.osz
2 232
where Gy, is related to the average strain, E:, measured from the neck with the following
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equation

_['e,( 6,.0,,G,) dx
g== T

0.032

100 (R
.c,,‘—‘E-(9.ss79.- ()

R,1 _x?
(.a_+_2_-2_._z.)o.o:2

where E is Young's modulus of Nb, and €; can be measured from the dimension of the neck
using the relation of €, = Ln(a/t). Thus, by numerical intcgration of eq. (8), Gz can be found

for any specific R and a. Using egs. (3), (6), (7) and (8), G-U data can be calculated for the
elastc deformation. .

235 { Plastic Deformasi

Von Mises yield criterion is used to monitor the initial yielding. Thus, when the effective stress
reaches the yield strength of the Nb, plastic deformation begins. Now, Bridgman formula for a
necking plate (19}

LXTMEREIGRES JOIR_ 3 | RNpe— ®

can be used directly to compute the nominal axial stress. By applying boundary conditions =t the
neck, a relation between Gz, and the effective stress, G, can be found, which is

Ozs = 1.15470C FRR— seassncas (10)
where G is determined by the effective strain.

In the computation, the effective strain at the initial yield is assigned as zero, while the effective
stress has a value of the yield strength of the unconstrained Nb. After the initial yield, the
niobium is assumed to be perfect isotropy of strain hardening and the power law, eq. (2), is used
to tompute the effective stress.

248 { Localized Plastic Deformati

The localized plastic deformation is assumed 1o begin when the nominal axial stress is about to
decrease. The length of the region affected by necking, 2H, shown in Fig.1, is chosen as 2t.
Afier necking down 10 a point at the neck, the region with such dimension gives two triangles
with the heifht equal to the base. The base is assumed to have no more deformation when the
localized deformation begins. The assumptions give rise to a contour as shown in Fig. lc, and
such contour is an approximation for the contour of Nb in the decohesion region observed in the
experiments [17]. The displacement in the stage of the localized deformation is assumed 1o come
only from the deformation of the necking affected region and the computation of the nominal
axial suess is carried out using eqs. (9) and (10).

11, Results of the Model
3.1 Effect of the Decohesion Lengtt

Dependence of the swress-displacement curve on3 the decohesion length is shown in Fig. 2 which
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Table 2. Decohesion length in the MoSiz2/Nb composites
(hot pressed at 1400°C, 40MPa for 1 hour)

Thickness of 1.0 0.5 | 0.25

Nb foil (mm)

Processing  Uncoated AlRO3 Zr0; Uncoated AlO3 ZrO2 Uncoated ARO3 Z10»

condition coated coated coated coaled coated coated

Decohesion Decohesion Decohesion 0.9410.23

length (mm) 10+5 alltheway 2940.4 331304 all the way 0.861£0.09  1.3010.61
10 the grips. to the grips.

is generated using the true stress-strain data of 0.5 mm Nb. The results indicate that the

maximum stress reached by the constrained Nb, Gyax, increases with increasing constraints on
the ductile reinforcement; but increasing constraints decreases the work of rupture. Such results
suggest that a relatively weak bond at the interface enhances the work of rupture and therefore is
conducive to toughness of the brittle matrix composites. Similar results arc obtained by other
investigators using different mocels (11,13,16).

When the data measured in the experiment [17], as shown in Table 2, are put into the model, the
results show that the maximum stresses are nearly constant for each size of Nb, although the
work of rupture increases with increasing decohesion length. The work of rupture normalized by

the yield sorength, g, and half thickness of ductile phase, t,

J"@ﬂ

Co ¢t

called as the normalized work of rupture, E;, in the text, also exhibit an increase with increasing
decohesion length. The computed parameters for the constrained Nb lamina with a thickness of
0.5 mm are summarized in Table 3. The results suggest that the present coated and uncoated
Nb/MoSi; laminates are in the range of low constraints because in the high constraint range (i.c.,

short decohesion length), Omax is very sensitive to the decohesion length, as shown in Fig. 2.
An experimental evidence indicating that the present laminates are in the range of low constraints
is that the maximum stress reached by the laminate composites with 1.0 mm Nb lamina are
almost the same for different decohesion lengths ranging from ~ 5 1o ~ 15 mm.

3.2 Effect of Reinf i

A comparison on the size effect between the model and experiments for the uncoated Nb/MoSiz
laminates is showed in Fig. 3. The input data for the model are from eq. (2) and Table 2 with
cach size of Nb having its own measured parameters and propenies. The input of Young's

500
A Gauge length
Table 3. Calculated parameters for the composite 400 il A:0.2mm
laminates with 0.5 mm thick Nb lamina , - B: 0.5 nun
E 300 | c C: 3.0 num
Processing  Omax Omax/Co & E g g
condition (MPa) (Jlmzs £ 0
uncoat 3 L X . “
Al203 coated 3284 155 203,000 3.860 1
ZrOj coated  328.2  1.55 339,000 6.435
% 037 088 082 m

Pusplacenment, mm
Fig. 2 tiffect of dccohesion length on the stress
displacement curves
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Table 4. Summary of parameters calcutated from the model and measured for the uncoated

Nb/MoSiz laminates
Calculated Measured
2%t Omax Omax/Co0 & E Omax Omax/Co & E;  EycalyEi(exp)
(mm) %m (J/m?) (MPa) /m?)
K 1.62 400,000 4.4 259 144 377,000 5.3 0.838
05 329 156 196,000 3.7 320 1.54 239,000 4.5 0.814
0.25 354 150 88,000 29 351 1.49 85,000 2.8 1.025

modulus is from the slope of the stress-strain curve of the unconstrained Nb in a simple tensile
test. As shown in Fig. 3, the mode! fits the experimental data reasonably well except the stage of
the localized plastic deformation. The deviation in this stage is believed to be due to the difference
between the real and assumed contours of the neck. The parameters calculated from the model are
summarized in Table 4. For comparison the measured parameters [17] are also included in the
table. Ratios of the calculated and measured normalized work of rupture, Eq(catyEq(exp). is also
included in the table. It is noted that the calculated maximum stress, the work of rupture and the
normalized work of rupture are all close to the measured counterparts. It is quite clear that the
max':msm the work of rupture and the normalized work of rupture can be estimated from
the

Reinforcements used in composites are usuaily smaller in size than those tested in the present
study. To predict the work of rupture for small size of reinforcements, it is necessary to know
the decohesion length in advance for computation of the model. A plot of Gax vs decohesion
length computed from the model for the composites with 0.25 mm Nb lamina is shown in Fig. 4.
It is noted that there exists a characteristic decohesion length, dc, below which Gmax becomes
very sensitive 10 the decohesion length. Computation of the model shows that the characteristic
decohesion length is equal to twice of the thickness of the niobium and the normalized work of
rupture with the characteristic decohesion length, called as the characteristic normalized work of
rupture, is constant regardless of size of the reinforcement.

The measured decohesion lengths, dm, in the present study are all larger than de. However, ratio
of dm to d; is found to be a linear function of size of the reinforcement, as shown in Fig. 5. The
relations found are

400 B2 360
£ B1
300 for w 3504
& “z‘ A
:. 200 - 3404 l BC D
g Al C1 bé 330 ] ‘J ‘
100 4
1 \ A2 320 r T
0 ——— — 0 1 2 3
0 042 034 126 168 210 252 Decohesion length, mm

Displacement, mm

Fig. 3 Effect of reinforcement size on the stress  Fig. 4 A plot of Gmax vs decohesion length.

displacement curve. Al, Bl and Cl are Arrow A shows chanicteristic decohesion
experimental curves of the composites with 0.25,  length, and arrows B, C and D show the
0.5 and 1.0 mm thick Nb laminae, respectively; measurced decohesion lengths of the com-
A2, B2 and C2 are results from the model for posites containing uncoated, Al203 coated
composites with 0.25, 0.5 and 1.0 mm thick and ZrO» coated Nb laminae, respectively.

Nb laminae, respectively.
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6 6
sl AL203 coated °
faminates st
ir o
dm st \N o 4
d O measured
[+ 2L uncoated
: ~ laminaies 3 o O calculaed
: 2 1. P} b ) A e
i P P A A 1
0 00 02 04 06 08 10 12

00 02 04 06 08 10 12
Thickness of reinforcement, mm

Fig. 5 A plot of ratio of the measured to characteristic  Fig. 6 Normalized work of rupture as a
decohesion length as a function of reinforcement size. function of reinforcement size.

Thickness of reinforcement, mm

dm/de =0.66+10.72t  ( for Al203 coated laminates)
dm/de = 0.66 +8.70 t ( for uncoated laminates) =0 ... an

It is noted that dy, becomes closer to de as size of the reinforcement devreases, suggesting that the
normalized work of rupture becomes smaller and closer to the characteristic normalized work of
rupture. The oxide coating changes the slope of the line, indicating that the coating enhances
decohesion and such effect becomes larger as size of the reinforcement increases. With eq. (11),
the decohesion length of small size of the reinforcement can be predicted and the work of rupture
be calculated from the model. A plot .ﬁznemed in this way is shown in Fig. 6 which shows that
E decreases with decreasing size of the reinforcement, as found in the experiments [17). Thus,
to estimate the contribution of ductile reinforcements to the toughness of a brittle matrix
composite, the model can be used.

3.3 Effect of Yield Strength and Work Hardeni

Effects of yield strength and work hardening on the work of rupture are evaluated by putting the
properties of scveral different materials into the model. The properties are obtained from
Reference {20] and the true stress-strain curves for some matenals are shown in Fig. 7. It is
noted that both 4340 steel and 70/30 brass have a higher work hardening rate than the Nb used in
the present study. The computed stress-displacement curves are shown in Fig. 8. and the input
and output data arc summarized in Table 5. It is clear that work of rupture - icreases with
increasing work hardening rate. Although 70/30 brass has the lowest yield strength, its high
work hardening rate enables it to have a much higher work of rupture than both 4340 steel and
Nb both of which have a higher yield strength than the brass. Reason for such phenomenon is
that a high work hardening rate reinforcement have a higher increase rate in the load-carrying
ability, and instability (i.c., the localized plastic deformation within the necking region),
therefore, comes relatvely later than a low work hardening rate reinforcement, when the two

Table 5. The input and output data for computing the stress-dsiplacement curves shown in Fig. 8
(the thickness of all materials is assumed as 0.5 mm)

Matenal input Data Qurtput Data
o=Ke? o9 E n Omax 4 E
(MPa) ___(MPa) (GPa) (MP) _ Qjm?)

Nb 363¢0085 210 105 0.39 320 196000 37
SAE4340sice!  642¢015 230 193 029 496 351000 6.1
0.6% C steel 1573¢210 500 199 029 1337 801.000 6.4
70730 brass 897¢%49 80 111 030 483 662,000 33.1
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500
600 { 4340 steel
& 'Y « 400 brass
= a 4340 steel
4§ 400 = 3001 -~
© "3
£ > @ 2001
2 200 Nb £ d
2 100 1 Nb
[
0/ 0
0 0.15 03 0.45 o 0.684 1.368 2.052
True strain displacement, mm
Fig. 7 The true stress-strain curves of the some  Fig. 8 Computed stess-displacement curves
materials used for evaluating effects of yield using the data in Fig. 7 and Table S.
strength and work hardening.

reinforcements have the same increase rate in stress due to decrease in the cross-sectional area of
the reinforcements. Thus, high work hardening rate reinforcements have a relatively longer stage
of plastic deformation in the whole decohesion region, leading to more energy to be dissipated
and higher work of rupture. It is noteworthy that the brass has a very high normalized work of
rupture, which suggests that the normalized work of rupture could probably be used as an
indicator of the efficiency with which the work hardening contributes to enhancing the work of
rupture.

When yield strength is very high, such as 0.6 % C steel in Table 5, work of rupture would be
also very high. As shown in Table 5, 0.6% C steel has a much higher work of rupture than
70/30 brass although it has a lower work hardening rate than the brass. Contribution of yield
strength to work of rupture is mainly to increase the maximum stress reached by the constrained
reinforcement. From the above discussion, it is concluded that both high work hardening rate
and yicld strength are beneficial to work of rupture. Work hardening is more effective in
enhancing the work of rupture than yield strength because high work hardening rate delays the
instability of deformation for constrained ductile reinforcements, therefore more material of the
reinforcements participates in plastic deformation and more energy has (0 be consumed.

1V. Concluding Remarks
Based on the observation, the flow behavior of the constrained reinforcement has been divided
into three stages: (1) elastic deformation; (2) plastic deformation within the decohesion region;
(3) localized plastic deformation within the necking region. An analytical mode! has been

developed to describe these three stages. The model gives insight into the influence of
decohesion, yicld strength, work hardening and size of the reinforcement on the stress-

displacement curve. The overall shape of the G-U curves generated by the model fits the
measured curves reasonably well.

Computation of the model indicates that work of rupture is enhanced by a relatively weak bond at
the matrix/reinforcement interface, by large size of reinforcement, and by a high yield strength
and high work hardening rate. High work hardening rate is more effective in enhancing work of
rupture than high yield strength.

Computation of the model suggests that there is a characteristic decohesion length, de, with
which the normalized work of rupture, E; is constant regardiess of size of the reinforcement. It
is found that the deviation of the measured decohesion length from d,. increases with increasing
size of the reinforcement, which leads to E; increases with increasing size of the reinforcement. A
relation between dm and dc is found which allows the prediction of the real decohesion length
for small size of the reinforcement and therefore the calculation of the work of rupturce for
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specific size of the reinforcement.
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Appendix

Finite element analysis (FEA) of the stress distribution across the neck and the contour of the
decohesion region during the elastic deformation was implemented using the finite element
software package ANSYS. Due 0 the symmetry, only one quarter of the specimen was analyzed
using two-dimensional 4-node isoparametric elements with an assumption of plane sirain
deformation. A typical finite element model! for the constrained Nb is shown in Fig. 9. The
displacement at the midplane of the neck was allowed only in the x-direction, and the bonded
boundary of Nb to the matrix and the axial central plane were allowed to displace only in z-
direction, as shown in Fig. 9.

Results from the FEA for the case of constrained 1.0 mm Nb lamina with 2.28 mm decohesion
length under a nominal axial stress of 150 MPa are presented in Figures 10-12. Fig. 10 compares
the assumed contour of the decohesion region with the FEA result. The data show that the
assumed contour deviates from the FEA result, leading 10 a smaller crack opening displacement
compared to the finite element analysis. However, the difference is so small that it introduces
negligible errors to the computation of the work of rupture.

Evaluation of effective stress distribution acros%xhc midplane of the neck is shown in Fig. 11.
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Fig. 9 Mesh and boundary conditions used Fig. 10 A comparison between the assumed contour
for analysis of constrained Nb. and finite element analysis of decohesion region

during the stage of elastic deformation. X and Z
are defined in Fig. 17.

140 152
| FEA FEA
1 o = 150.034 MPa
o 135 ) / = 151 mean
=
z_ 130 : o 150
'° \m assumed °
125 4 The model
effective stresses 149
v Omean = 150.056 MPa
120 L 148 [TV U B BEPE T
00 0@ 02 03 04 05 06 00 01 02 03 04 05 06
X, mm x. mm
Fig. 11 Effective stress distribution at the Fig. 12 A comparison of the axial stresses at
midplane of neck. the midplane of neck between the model
and FEA. Note that mean axial stresses,
Omean. are almost the same.

Clearly, the cffective stress is not constant across the midplane, but increases from the free
surface 10 the center of the neck. Although the assumed constant effective stress does not
represent the real stress distribution, the mean axial stresses across the midplane are almost the
same for the mode) and FEA, as shown in Fig. 12. The axial siress calculated from the model
increases monotonously from the free surface to the center, which is hard to tell from Fig. 12
because of the scale used. Similar results were also obtained from calculation of constrained 0.25
and (0.5 mm Nb laminae. Thus, it is concluded that the assumed constant effective siress and
contour of the decohesion region impose negligible errors on the calculation of G-U curve and
the work of rupture.
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Role of Matrix/Reinforcement

Interfaces in the Fracture Toughness of Brittle
Materials Toughened by Ductile Reinforcements

L. XIAO and R, ABBASCHIAN

Crack interactions with ductile reinforcemeats, especially behavior of a crack tip at the interface,
have been studied using MoSi; composites reinforced with Nb foils. Effects of fracture cacrgy
of interfaces on toughness of the composites have also been investigated. Variation of interfacial
booding was achieved by depositing an oxide coating or by the development of a reaction prod-
uct layer between the reinforcement and matrix. Toughness was measured using bend tests on
chevron-notched specimens. It has been established that as a crack interacts with a ductile re-
inforcement, three mechanisms compete:-interfacial debonding, multiple mamix fracture, and
direct crack propagation through the reinforcement. Decohesion length at the matrix/reinforcement
interface depends on the predominant mechanism, Furthermore, the results add to the evidence
that the extent to which interfacial booding is conducive to toughness of the composites depends
on the criterion used to describe the toughness and that ductility of the ductile reinforcement is
also an important factor in coptrolling toughness of the composncs Loss of ducuhty of the
ductile reinforcement due to inappropriate p:oees:ing could result in little‘improvenient in tough-

ness of the composites.

I. INTRODUCTION

THE interface between matrix and reinforcements plays
an important role in the mechanical performance of com-
posites. It is commonly w:epted that a relatively weak
interface is desirable for improving fracture toughness of
brittlo_materials reinforced by ceramic fibers.!*! The
reason for this is that such an interface when preseat in
the path of an advanciog crack would fail locally and
blunt the crack. Otherwise, if the interface is strong, the
propagating crack is unlikely to “sec” the fiber and little
improvemeat in toughness will be realized. This tough-
eaing concept has become a dogma in design of brittle
materials to be reinforced by ceramic fibers. However,
when the reinforcement is a ductile fiber with & high
strain to failure, the requimmnt for the interfacial boad-
ing may be different. This is beause occurrence of frac-
ture for the two differeat fibers is based on different
criteria. For a brittle fiber, the occurrence of fracture is
simply based on the magnitudes of the maximum tensile
stresses which are cohanced by the preseace of suess
concentration. In coatrast, since ductile fibers can yield
locally by dislocation slip and thus blunt the crack, the
fracture occurs only after exhaustion of ductility of the
fiber in the presence of triaxial stresses at the crack tip
(particularly in plane strain). As such, there may be dif-
forent requirements for the interfaces in ductile-fiber-
reinforced brittle matrix composites.

The respoosibility for the ductile phase toughening has
been attributed to bridging of intact ligaments of the duc-
tile phase behind the advancing crack tip."-'*! Based on
this mechanism, the increased toughness of the com-
posites in the case of small-scale bridging can be related
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to the work of stretching and fracturing the ductile phases,
AG' by the following equ.ﬁon:u.!l

AG= V,j- o(x) du (11
(4

where u is the crack opening, o(u) the nominal stress
on the ligament, * the crack opening at the end of the
traction zone, and V, the area fraction of reinforcements
on the crack plane. It is clear that the increased tough-
ness depends on the stress-displacement function of the
ductile ligament, (%), which in turn relies on the extent
of decohesion at the matrix/reinforcement interface and
can be determined independently using a simple teasile
test on a single constrained ductile reinforzemeant.U-'3-16
These experimeats indicated that a high work of rupture
of ductile reinforcements was encouraged by & partial
decohesion at the interface.™ 4431 Deve et al.,!'¥ how-
cver, found that whether or not exteasive decohesion was
desirable for a high work of rupture depeaded on the
work-hardening capability of the reinforcements, sug-
gesting that contributions of decohesion were compli-
cated and interdependent with other material properties.
Theoretical analysis of stress-displacement function, o(u),
has also been attempted. Numerical modelst®#! showed
that partial decohesion was beaeficial to a high work of
rupture, and therefore, a high toughness. Similar con-
clusions have also been drawn from analytical
models. 747

In the present work, effects of iaterfacial coating and
decohesion on the toughness of ductile-phase-reinforced
brittle matrix composites were measured directly using
a four-point bend test oa chevron-notched specimens rather
than measuring the stress-displucernent fuaction and de-
ducing the toughness increment via Eq. [1). The com-
posite system selected for the investigation was laminated
MoSi, matrix reiaforced with coated or uncoated Nb foils.
The composite system was sclected, because MoSi, is




amoag the most promising candidates for high-tsrperature
structural applicatioas. In addition, the two components
used have similar coefficieats of thermal expansion, thus
minimizing the residual thermal stresses and simplifying
the fracturs toughness analysis. The use of Nb foil rather
than filaments allowed for the case of producing the
composites with controlled properdes, but it still served
the main purpose of the present study.

II. EXPERIMENTAL
A. Measuremeni of Fracture Toughness

Disc-shaped laminated composites were produced by
hot pressing MoSi, powder (—325 mesh) with 20 vol pct
of coated or uncoated Nb foils at 1400 °C for 1 hour or
1700 °C for 40 minutes under a pressure of 40 MPa, In
order to minimize residual thermal stresses, the hot-pressed
discs were held in the hot-pressing chamber at 800 °C
for 1 hour before cooling dowa to room temperature.
The thickness of the Nb foils was'0.25 mm. The inter-
face coatings were produced by depositing ALO, or ZrO,
6 the Nb surface prior to the hot pressing or by the de-
velopmeat of a reaction product layer between the matrix
and reinforcement. Details of the coating procedures can
be found in Reference 18.

One way to evaluate the ductile phase tougheaing is
to geaerate a resistance curve (R-curve) of the compos-
ites, as done by Elliott es al.!'" and Venkateswara Rao
et al.® To generate this curve, however, the dimen-
sions of the specimens should be at least as large as the
bridging length. For the present model composites, based
on the ¢quilibrium stress distribution across the crack face,
the bridging length has been estimated to be at least
50 mm.?" To avoid using such a large specimen, the
toughness of the present composites was measured by
four-point bending of chevron-potched specimens,!2:3]
The samplés had inner and outer spans of 10 and 20 mm,
respectively, and were tested using a hydro-servo-
controlled MTS with a crosshead speed of 4 X
10“* mm/s. In order to preparc the chevron-notched
bendidg specimens, the hot-pressed discs were cut into
rectangular bars with dimensions of 3.81 X 5.08 x
25.4 mm. The notch on each sample was cut perpen-
dicular to the foil plane using a diamond wafering blade.
To investigate interactions between cracks and reinforce-
meats, some specimens were unloaded at various levels
of load during the bending tests. A cross section per-
peadicular to the chevron notch of the unloaded speci-
mens was cut, polished, and examined using scanning
¢lectron microscopy (SEM) to measure decohesion length
and the crack geometry and position.

The peak load of the beanding tests was used to cal-
culate fracture toughness with the aid of the following
equation:®!

P
B\/W
where P, is the maximum test load, B and W the width
and height of the bending bar, respectively, and Y2, the

minimum value of the dimensionless stress intensity fac-
tor coefficient as a function of relative crack length for

Kau Yaa (2]

2-

the particular specimen used. The present experiments
revealed that P,,, was reached whean the crack was jg-
side the chevron. However, because of the rising crack-
growth resistance for ductle-phase-toughened compos-
ites, P, and Y 5., do not occur coiacidentally at the same
crack length, and thercfore, Pg,. does not exactly cor-
respond to the stress-intensity factor at failure but is a
good approximation to it.iB**.3 Thus, the value calcu-
lated using Eq. (2] is called “damage tolerance™ in this
article and is designated as X, rather than X,,.

B. Interface Fracture Energy Measuremen:t

The mecasurement of the fracture energy of matrix/ -

reinforcement interfaces was conducted on chevron-
notched short bars using the procedures recommended
in Reference 26. The techanique involves determining the
critical stress inteasity factor from the peak load of the
notched bars and then convertng the critical stress in-
tensity factor to the fracture energy of the interface (boad
toughness of the interface). In the preseat study, how-
ever, a modified specimen geometry, as shown in
Figure 1, was used. An advantage of the preseat ge-
ometry is that there is no need for compliance calibration
due to symmetry of compliance of the specimen with
respect to the interface.

The short bar specimens were produced by hot press-

ing. The hot-pressing temperature and coating proce- Hh
dures were the same as for preparing the composi;e{ ‘*h

laminates mentioned in Section A. The Nb foils u
the short bar specimens were 0.127 mm¢#:nd the notch
was cut parallel to the foil using a diamond wafering
blade with a thickness of 0.4 mm. The thickness of the
notch was chosen to be slightly larger than that of the
foil to insure that the initiation and propagation of
the crack were at the weakest positions among various
interfaces between matrix /coating/reinforcement.
The fracture energy of the interface, Gg,., was cal-
culated using the following equation:®!
. o K .
mas e (

where E is the elastic modulus of MoSi, and X,,,, is the
critical stress intensity factor determined from the peak
load of the short bar bending test.

C. Tensile Tests on a Single
Constrained Reinforcement

A schematic of a tensile test specimen used to deter-
mine the crack behavior near the reinforcement is shown
in Figure 2. The specimens, consisting of a single Nb
foil sandwiched between two MoSi, layers, were pro-
duced by hot pressing with the same processing condi-
tions as for the composite laminates and short bar
specimens. The straight-through notches on the MoSi,
matrix were introduced using a diamond wafering blade
with a thickness of 0.15 mm. The tensile specimens were
polished on both sides perpendicular to the Nb foil be-
fore testing. The specimens were unloaded at various
levels of load during testing and examined with SEM to
observe the interactions and behavior of ductile rein-
forcement at the near-tip region.
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Fig. 1 —Short bar specimen geomerry.

Fig. 2— Schematic of a composite laminate teasile test specimen.

II. RESULTS AND DISCUSSION
A. Fracture Energy of Interfaces

Microstructures of the matrix/reinforcement inter-
faces for the coated and uncoated foils are showan in
Figure 3. The thicknesses of Al;O, and ZrO, coatings
produced are about 5 and 25 um, respectively. For the
uncoated foils, as shown in Figure 3(a), the interaction
between the matrix and reinforcement causes formation
of (Mo, Nb),Si,, the thickness of which depends on the
compositing and annealing conditions.!"" For the coated
foils, no interaction between the composite constituents
was observed. However, because of the diffusion of Si
through the coatings, a Nb,Si, layer was produced near
the surface of the foil. Therefore, as can be seen in the
figure, the coated foils contain three interfaces between

the matrix and reinforcement: MoSi,/coating /Nb,Si, /Nb;
whereas, the uacoated foils contain two interfaces: MoSi,/
(Mo, Nb),Siy/Nb.

Whea the hot-pressing temperature was 1400 °C, the
interfaces between the uncoated Nb and MoSi; became
MoSiy/(Nb, Mo)Si,/Nb;Si3/Nb. Detailed me. - unisms
of the interphase tormation for the uncoated Nb/MoSi,
system at differeat temperatures are described in
Reference 27. Despite the differeat interfacial micro-
structures, mechanical behavior was observed to be the
same for the specimens hot-pressed at 1400 °C and
1700 *C. For the ZrQO, coated NDb, the same interfacial
microstructure was produced at both hot-pressing tem-
peratures. However, for the Al,O; coated Nb, the coat-
ing became discontinuous when the hot-pressing
temperature was 1700 *C. Such phenomenon has been
attributed to the Kirkendal shift caused by the exteasive
Si diffusion across the coating.!'®

A typical load-displacement curve of the chevron-
notched short bar for a ZrO, coated Nb/MoSi, laminate
is shown in Figure 4, Some stable crack propagation has
been achieved, as indicated by. the fluctuation in the curve
ncar the maximum load. Therefore, the maximum load
was uscd to calculate Go,, with the aid of Bq. [3]. The
corresponding fracture surface at the chevron crack is
also preseated in Figure 4. By examining both fracture
surfaces of a broken sample with SEM and an energy-
dispersive spectrometer (EDS), the failure location at the
interface was determined. The measured fracture ener-
gies of interfaces and failure locations for the uncoated
and coated Nb/MoSi, composites are summarized in
Table 1. In the case of coated Nb systems, failure oc-
curred along the oxide /Nb,Si, interface or inside the oxide
coating. For the uncoated system, on the other hand, the
failure- was observed to take place inside MoSi, rather
than at the interfaces or inside the interphases formed,
indicating that the interfacial region has a higher tough-
ness than the matrix. Indeed, the value of G., of MoSi,
measured in the present study is 33.7 J/m?, and all the
measurements conducted on MoSi; /uncoated Nb system
showed that fracture energies for failure of the notched
short bars were about 36.4 J/m? because the crack in
MoSi, failed to follow the chevron-notched plane strictly.
The data in Table I also show that the fracture energy
of the iaterface has been reduced by the oxide coatings.
Furthermore, the zirconia coating exhibits a lower frac-
ture energy of the interface than the alumina. This is
attributed to the existeace of residual tensile stresses in
the zirconia coating caused by the thicker coating layer
and a higher coefficieat of thermal expansion of the zir-
coaia than that of the matrix and reinforcement.

B. Behavior of Cracks at the Inserface

Details of cracks impinging on Nb foils for uncoated
and coated composite systems are shown in Figure S.
The micrographs were taken from the cross sections of
laminated composites unloaded at about 20 pct of the
peak load of the composites during the four-point beand-
ing tests. It is noted from the figures that debonding at
the interface does not occur when a crack approaches the
interface or just impinges on it for both uncoated and
coated reinforcement systems. Similar observations were
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Fig. 3—Interfacial microstructures of the laminated composites reiaforced by (a) uncoated Nb, hot-pressed at 1700 °C; (b) Al;O, coated Nb,

hot-pressed at 1400 °C; and (¢) ZrO, coated Nb, hot-pressed ac 1700 °C.
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Fig. 4— A typical load-displacement curve of the chevron notched short bar for a ZrO, coated Nb/MoSi, laminate and the corresponding fracture
surface at the chevron crack.

Table I. Fracture Energy of Interfaces in Coated and Uncoated Nb/MoSi; Systems®

Fracture Energy

Processing of Interface

System Conditions Failure Location (Gau, J/m?)
MoSi, /uncoated Nb 1400 °C and 1700 *C inside the MoSi, >33.7x 1.4
MoSi;/ALO, coated Nb 1400 *C Al,0;/Nb;,Si, interface 16.1 = 1.3
MoSi,/ZrO, coated Nb 1400 °C and 1700 *C ZrQ; /Nb,Si, interface 128= 1.0

or inside the ZrO,

*Four specimens foc cach condition were tested.

made from teasile tests on a single constrained Nb foil.
This is not surprising, since all the fracture energies of
the interfaces measured in the present study are higher
than 1/5 of the matrix fracture energy. The observation
is consgisteat with an estimation made by Cook and
Gordon.®™ They found that for an elliptical crack, an
interfacial fracture energy of 1/5 or less of the matrix
fracture energy would cause interfacial debonding in ad-
vance of the crack.

Figure 6 shows a typical microstructure of an uncoated
Nb tensile test specimen. A notch tip can be seen at the
left side of Figure 6(a), which shows that a crack ini-
tiates at the notch tip and ends at the Nb foil. Figure 6(b)
is a close-up of one of the crack tips in Figure 6(a). As
seen in the figure, the impingement of the crack on the
interface causes local dislocation slip of the reinforce-
ment instead of interfacial failure, teading to the release
of the stress concentration. In addition, there are also




Fig. 5—Optical microstructures of compositc laminatcs showing that cracks cad at the front of the reinforcement withowt causing interfacial
Jebonding. (a) Uncoated Nb, (b) ALO, coated Nb, and (c) ZrO, coated Nb reinforccd composites., :

multiple cracks at the interface which add to relaxation
of tip stress intensity and cffectively cnlarge the initial
plastic zone in the ductile phase. The result shows that
interfacial failure is not the only mechanism of blunting
cracks in the case of ductile reinforcements. The slip ca-
pability of ductile reinforcement can play an important
role, as will be discussed further in the following sections.

A genceral view of the cross section of a composite
laminate reinforced with 20 vol pet of coated Nb lam-
inae unloaded at about 20 pct of the peak load is shown
in Figure 7. As seen in the figure, the crack propagation
is discontinuous in nature, i.e., after a crack stops at one
side of a Nb lamina in the laminated composites, its
propagation is accomplished by renuclieation of another
crack at the other side. Also, around a load level of
20 pct of the peak load, the crack has already propagated
throughout the eatire thickness of the matrix. Beyond
this level, the load is carried exclusively by Nb laminae.
Owing to the extensive cracking of the matrix at a load
level considerably below the peak load of the composite,
the value calculated from the peak load of a bending test
on the chevron-notched specimen using Eq. [2] was ac-
tually a reflection of the bridging capability of the ductile
phases and was interpreted as an indicator of the damage
tolerance of the composite, !

C. Debonding, Multiple Martrix Fracture, and Direct
Crack Propagation through the Reinforcement

As load continues to increase during the tensile tests
after the cracks have impinged on the Nb foil, debonding
at the interfaces and/or multiple fracture of the matrix
necar the interfaces occur due to a relatively large lateral
deformation of the Nb reinforcement compared to the
matrix and load transfer from the matrix tc the reinforce-
ment. Typical features of debonding at the interface and
multiple fracture of the matrix near the interface for the
coated and uncoated specimens are showa in Figure 8.
It is noted that interfacial dobonding haa vccurred at tha
oxide coated systems (Figure 8(a)) as contrasted with
multiple matrix fracture acar the iaterface for the un-
coated systems (Figure 8(b)). This is in agreement with
the interface fracture energy measurcment, since the
interfaces in the uncoated composites have a higher frac-
ture encrgy than the matrix; as such, the matrix is ex-
pected to fail more easily than the interfaces in these
composites. On the other haad, for the oxide coated

composites, the fracture energy of the interfaces is lower
than the fracture energy of the matrix. Thus, interfacial
debonding prevailed in these composites. Similar results
were also observed in a related study on bending tests
of chevron-notched composite laminates,®™ which showed
that debonding at the interfaces prevailed in the Al,Q,
coated Nb composites® while multiple matrix fracture
dominated in the uncoated Nb composites.

Both interfacial debonding and multiple matrix frac-
ture create a “gage length®™ at the matrix/reinforcement
interface which is a region virtually free from constrain's
of the matrix and is called “decohesion length” in the
text. Measurement of the decohesion length was con-
ducted for laminated composites, and the results are shown
in Table I1. Since the decohesion length of the laminated
composites varies with load and position of the rein-
forcement, the values reported in Table I are measured
at the peak load and for the second foil from the notch
tip. Microhardness of the Nb reinforcements after hot
pressing is also included in Table II to show how hard-
ness of the Nb foils was effected by the processing con-
ditions. Little change in microhardness across the whole
Nb foil was observed so that the microhardness was taken
as a constant for each specific condition. The results for
the specimens hot-pressed at 1400 °C show that the lower
the fracture energy of the interface, the longer the de-
cohesicn leagth. This is the result we would expect, since
lower interfacial fracture energy means lower resistance
to interfacial decohesion. However, in the case of ZrQ,
coated systems, when hot-pressing temperature is in-
creased to 1700 °C, the decohesion length becomes neg-
ligible in contrast with the general trend exhibited by the
composites processed at lower temperatures. Figure 9
shows two typical load-displacement curves of bending
tests on ZrQ, coated Nb/MoSi, laminated composites
hot-pressed at 1400 °C and 1700 °C. It is noted that frac-
ture toughaess of the composites is reduced and the fail-
ure becomes catastrophic when hot-pressing temperature
vhunges from 1400 *C ta 1700 °C. Qbasivation of frac-
ture surfaces also shows a change of fracture modes from
quasi-cleavage to cleavage, us shown in Figure 10, As
indicated in Table O, microhardness of the Nb foils in-
creases from 131 to 236 as the processing temperature
is increased, indicating an increase in the slip resistance
of the Nb foils. The embrittiement of Nb is probably due
to the diffusion of interstitial oxygen into the foils at higher
processing temperatures from the decomposiion ot 750,
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Fig. 6-—An c;igc view of a unloaded tensile test specimen. (a) A general view of the cracks and (b) a closc-up of the crack tips showing
dislocation slip of the Nb at the crack tips.
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' Pig. 7— A cross section of & laminated composite reinforced by 20 vol pet of uncoated Nb foils showing the characteristics of crack propagation
in the composites. ’

Pig. 8— An cdge view of tensile tested spectmens. (¢) Debonding at the tntertace m & specumen with ALG, conted NU (b Muluple manz
fracture ncar the inteeface in a spectnen with uncoated Nb.




Table II. Decohesioa Leagth und Microhurdaess Measured from the Luuinuted
Cowmpasites Reinforced with 20 Vol Pct of Nb Foils with a Thickaess of 0.25 mm*

Composite System Uacoated Nb Al,O; Coated Nb 250, Coated Nb
Hot-pressing temperature 1700 °C 1400 °C 1400 °C 1400 *C 1700 °C
Dect?heoibnglcngtg (mm) 0.75 = 0.08 0.76 = 0.06 0.80 > 0.12 1.06 = 0.23 [}
Vickers hardoess ( Ka /e o ) 145 131 134 131 236

*Four specimens for each condition were tested except for AL,O, coated Nb system for which eight specimeas were tested.
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Fig. 9— Typical load-displacemest curves of beading tosts oa chev-
roa nolched composite Juminates reinforced by 21O, coated Nb foils.

Loss of ductility of the foil leads to little lateral defor-
mation of the Nb and resultant transverse stresses and,
therefore, results in negligible decohesion length. To
support this inference, tensile tests on single constrained
reinforcement specimens were conducted and the results
showed that whenever Vickers hardness of uncoated Nb
foils increased to about 200 by coatrolling hot-pressing
conditions, fracture mode was always by cleavage even
if the notches were cut directly into the Nb foils. This
result shows clearly that brittle fracture of the Nb foils
is due to embrittlement of the foils.

From the previous discussion, it can be summarized

that as a crack approaches the ductile reinforcemeats in
these systems, there exist three competitive mechanisms:
interfacial dcbonding, multiple matrix fracture, and di-
rect crack propagation through the ductile reinforce- -
ment. Figure 11 shows schematically these interactions.
In the case of high ductility of the reinforcement, the
crack is blunted by local dislocaton slip of the ductile
phase. The present experiments showed that extensive
debonding did not occur at the carly stage of the crack/
ductile phase interaction, so that the interaction could be
approximated as the case of no debonding at this stage.
Thus, to fail the ductile reinforcement, a much higher
tensile stress has to be applicd .which increases shear
stresses at the interface due to load transfer and trans-
verse stresses caused by the difference between lateral
displacemeats of the matrix and reinforcement. Both shear
and transverse stresses enhance interfacial debonding and/
or multiple matrix fracture. Thus, whether interfacial de-
bonding or multiple matrix fracture predominates de-
pends on the values of the fracture energies of the matrix
and interface. On the other hand, for the case of low
ductility of the reinforcements, the crack can reladvely
casily propagate through the reinforcement before oc-
currence of the interfacial deboading or multiple matrix
fracture. The decohesion length, which results from the
competition of the three above-meantioned mechanisms,
is controlled by a combination of three material prop-
erties: interface fracture energy. toughness of the matrix,
and slip capability of the reinforcement.

D. Fracture Toughness of the Laminated Composites

Typical load-displacement curves of beading tests on
chevron-notched composite laminates hot-pressed at

Fig. 10 —Fracture surfaces of the Nb foils in compositc laminaws reinforced by ZrO, coated Nb: (a) hot-presscd at 1400 °C for 1 hour and

{b) hot-pressed at 1700 *C for 40 min.
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1400 °C are shown in Figure 12. There are two promi-
peot features in the figure: (1) uncoated Nb reinforced
composites e¢xhibit the highest peak load and
(2) mechanical behaviors of ZrO, and Al,O, coated sys-
téins are similar, both of them showing an increase in
the carried load in the last part of the displacément curves.
The latter observation is caused by the extensive delam-
ination at the interface, and correspoadingly, more ni-
obium participates in deformation and deforms under much
less constrained condition. Because of this feature, the
total enesgy consumed to break a specimen (area under
the curve) for the coated composites is larger than that
to break the uncoated ones. The work of fracture, de-
fined as the total energy normalized with respect to the
generated crack area,™ for the various composites is
presented in Table II. As seen in the table, the coated
cotaposites show the higher work of fracture, indicating
that the low interfacial fracture energy and, thus, long
decohesion length are beneficial to improving the tough-
ness of the composite. This result is consistent with
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Fig. 12 —Typical load-displacement curves of bending tests on chev-
ron notched laminates reinforced by 20 vol pet of coated and uncoated
Nb foils, bot-pressed at 1400 °C for | hour,

predictions based on the oumerical and analytical
studics.13-7917

However, damage tolerance determined from the peak
load of the chevron-notched specimens shows an op-
posite tread. The damage tolerance determined in this
way is also included in Table III. The data show that
uncoated Nb reinforced composites exhibit the highest
damage tolerance, followed by Al,O, coated and then
ZrO, coated composites. This sequence is parallel to the

muﬁhc:uso-in the interfacial fracture energy of the com-
posites; that is, the higher the interfacial fracture energy,
the higher the damage tolerance of the composites.

The data in Table II also indicate that loss of ductility
of the ZrO,-coated Nb foils hot-pressed at 1700 *C re-
sults in a large drop of toughness of the laminated com- .
posites. Therefore, the damage tolerance data suggest that
a high degree of constraints is conducive to toughness
as long as the ductile reinforcement has a high slip ca-
pability. When the reinforcemeant does not have the slip
capability, as in the case of ZrO, coated composites pro-
cessed at 1700 °C, decreasing the constraint (i.e., in-
creasing the gage length by decrcasing the interfacial
bonding) is more beneficial to improving the toughness.

In summary, the resujts from the bend test of chevron-
notched specimens indicate that the role of the interface
for ductile reinforcement and debonding in the toughness
depends on the criterion used o0 describe the toughness
of the composites. If the peak load of the chevron-notched
specimen is used as an indicator of the toughness, a strong
bonding and, therefore, a high degree of constraints,
would be desirable. Qa the other hand, if the total en-
ergy consumed to break a specimen is used as indicative
of that specimen’s toughness, then a relatively weak
boading is required. ’

The aforementioned dual effects of interfacial prop-
erties on the toughness of the composites are further sup-
ported using the data obtained from the simple tensile
test oo a single constrained Nb foil. Representative stress-
displacement curves for 0.5-mm-thick Nb lamina are
shown in Figure 13, and the corresponding decohesion
leagths with differeat coating conditions for different sizes
of Nb laminae are summarized in Table IV. It is noted
that the area under the stress-displacement curve, called
“work of rupture of the constrained ductile phase,” in-
creases with increasing decohesion length. As given by
Eq. (1], the steady state toughaess of the composites is
proportional to the work of rupture of the constrained
ductile phase. Thus, increasing decohesion length is
conducive to improving steady state toughness of the
composites, a trend also shown by the work of fracture
measured from chevron-notched specimens (Table III).
Figure 13, at the same time, also reveals that the max-
imum stress reached by the coastrained Nb decreases with
increasing decohesion length, a trend similar to that ex-
hibited by the damage tolerance measured from the
chevron-notched specimens. These apparently different
roles of the interface can be explained by relating the
maximum stress reached by the coastrained ductile phases
to the crack propagation resistance in the case of large-
scale bridging (i.e., crack length is at the same order of
magnitude as bridging length), as observed in the present
composites (Figure 7). A recent calculation based on the
equilibrium stress distributions ucross the crack face!?"
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Tabie III. Measured Toughness of the Laminated Composites
Reinforced with 20 Vol Pct of Nb Foils with a Thickness of 0.25 mm*®

Monolithic Uncoated Nb ALO, Coated ZrQ, Coated ZrO, Coated .
Material MoSi, Reinforced Nb Reinforced Nb Reinforced Nb Reinforced

Hot-pressing 1700 *°C 1700 °C 1400 °C 1400 °C 1700 °C

terperature and 1400 °C
Damage olerance

(MPs - m'?) 33x03 152213 140 £ 1.5 12.8 = 1.5 8.6 1.3
Work of fracture

(J/m’) 690 = 30 21,600 = 3000 28,700 = 1900 28,700 = 4600 2800 + 300
Interfacial

fracture cocrgy*® —_— high medium low low
Ductility of the

reinforcement ** —_— high high high low

*Four specimeas for cach coadition were tested except for ALO, coated Nb sysiem for which cight specimens were tested.

**For details, scc Tables { and 1I.

350

A A:uncoated
B B: Al203 coaled
3009 C:ZrO2 coated
S 250
s c
“ 2004
» .
S 160
v .
10
8
h’ v v v v adl v
0 0.42 0.84 1.26 1.68
~ Displacement, mm

Pig. 13 —Bffect of the coatings on the stress-displacement curves,
dicssured fiom tensile test on the single constrained Nb lamina (thick-
ncss of the Nb laminae = 0.5 mm).

indicates that the maximum crack propagation resistance
of thé composites increases with increasing decohesion
length. Howevér, the maximum crack propagation re-
sistance is achieved only after the crack has propagated
extensively. At the small crack size, the composites with
less decohesion show a higher crack propagation resis-
tance than their counterpans with more decohesion.
Therefore, it seems that the choice of weak or strong
interface in describing fracture behavior of ductile-phase-
toughened composites depends on the criterion used to
describe the toughness of the composites.

VI. SUMMARY AND CONCLUSIONS

The present set of experiments clarifies the role a
matrix/reinforcement interface plays in brittle materials
toughened by ductile reinforcemeants. It has been dis-
closed that influence of,interfaces on fracture toughness
of brittle matrix/ductile reinforcemeat composites is not
as crucial as in brittle matrix/ceramic fiber composites
due to the local dislocation slip of ductile paase at the
crack tip. Furthermore, it has beea established that as a
crack impinges a reinforcement, there exist three com-
petitive mechanisms: interfacial debonding, multiple
matrix fracture, and direct crack propagation through the
reinforcement. The mechanism that prevails is decidec
not only by fracture energies of the interface and tough-
ness of the matrix but also by the slip capability of the
ductile reinforcement. Decohesion length at the matrix/
reinforcement interface is a result of the competition. In
the case of high slip capability of the reinforcemeats, the
higher the fracture energy of interfaces, the shorter the
decohesion length.

The toughness measuremeant has revealed that whether
or not a strong interfacial bonding is conducive to tough-
ness depends on the criterion used to describe the
toughness of the composites. If the peak load of the
chevron-notched specimen is used as an indicator of
the toughness, a strong bonding would be desirable. On
the other hand, if the work of fracture is used as indic-
ative of its toughness, then a relatively weak bonding is
required. Ductility of the ductile reinforcement is also
an important factor in controlling toughness of the com-
posites. It has been demoastrated that loss of ductility of

Table IV. Decohesion Leagth Measured from Single Constrained
Nb Foil Specimens (Hot-Pressed at 1400 °C, 40 MPa for 1 Hour)*

Thickness of
Nb Foil (mm) 1.0 0.5 0.25
Py ing ated  ALO, Zr0, uucoated AlLO, 2:0, uacouted AL, O, 0,
coadition coated coated coated coated coated coated
Decohcesion 105 decobesion 29 £ 0.4 3.3 % 0.4 decohesion 086 = 009 094 2023 130 1 0.61
length (mm) all the way all the way
to the grips to the gripy

*Four specimens for cuch coadition were tested except for Q.5-mm-thick Nb foils for which cight specuncns were tested.




the ductile reinforcement during processing could result
in litle improvemeat in toughness of the composites.
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MICROSTRUCTURE AND PROPERTIES OF MOSIyNB INTERFACES WITH AND
WITHOUT ALUMINA COATING

L. Xiao and R. Abbaschian
Depanmeml e of Materialz Science and Engincering, University of Florida, Gainesville,
FL 32611

ABSTRACT

This study explores the relations between processing routes, microstructures and
mechanical properties of the matrix/reinforcement interfaces in MoSiz/Nb composites. [t was
found that the (racture energy of the interfacial region depended on the interfacial bond
strength, roughness of interface, and the nature of the interfacial compounds. The fracture
energy between the oxide coating and intermetallic interfacial compounds was found to be
lower than that between two intermetallics or between Nb and an iatermetallic. Processing
routes were found to affect the fracture energy of the interfacial region by changing interphase
formation, changing microstructure of materials adjacent to the interface, or changing
roughness of interface.

INTRODUCTION .

It is commonly accepted that a relatively weak interface is desirable for improving
fracture 1ou; of ceramics and intermetallics reinforced by ceramic fibers [1-4). The reason
for this is such an interface when present in the path of an advancing crack would fail
ﬁ%& i Mmﬂekm&:m :l. ls'iowho sedm::

composites. ) y etal. {5), u! ifferent
fiber surface treatments to change the bond saeagth of the interface in carbon fiber-reinforced
polyesier compotsites, and demonstrated that h fracture energy was achieved in the case of
the weakest interface, resulting from greater pullout leagth of the carbon fibers. Similar results
are found in carbon fiber-reinforced epoxies {6) and a boron epoxy composite (7). Metal-
matrix composites also exhibit 2 strong dependence of toughness oa the fiber-matrix
debonding, as exemplified by tungsten wire-reinforced aluminum composites [8]. In this case,
the toughness is proportional to the energy to break the debonded fibers.

The above examples show that debonding at the interface play an important role in the
mechanical performance of composites. A recent study [9] has shown that debonding leagth in
the composites depends stongly on the fracture energy of the matrix/reinforcement interface.
The latter is expected to be affected by various factors, such as the <xtent of chemical
interaction at the interface, roughness of interface, dissipation of strain energy by ductile
reinforcemeants, thermal expansion mismatch, and bond streagth of the interface. Therefore,
parameters affecting interfacial fracture energy must be evaluated and understood in order 1o
control the mechanical behavior of interfaces in composites. In the ‘Presem study, the refations
between processing routes, microstructures and fracture energy of the matrix/reinforcement
interfaces in MoSiz/Nb composites were explored. The composites were fabricated by hot
pressing MoSi3 powder with Al203 coated or uncoated Nb reinforcement. Deposition of the
oxide coating on Nb was achicved via different processing routes, i. e., sol-gel coating
technique, physical Vl‘Pf deposition and hot dipping Nb in a molten Al bath, followed by an
anodizing process 1o form Al203. Interfacial fracture encrgy was evaluated using chevron-
notched-short-bar srecimens. Variation in the fracture energy of the interfacial region is
discussed in terms of the microstructures and types of the interfacial bonding.

EXPERIMENTAL
Coating Techni

The sol solution for the sol-gel coating was an aluminum-alkoxide-derived sol (using
aluminum-sec-butoxide (ASB)), hydrolyzed in excess water and peptized with aluminum
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nivate, A(NO3)3. The procedures for preparing the sol solution developed by Clark et al. [10]
were used. The Al203 coating was produced by clecurophoretic deposition on to the Nb foils.
Once the coating was applied, the coated Nb foils were suspended vertically for 48 hrs at the
ambient temperature, and then further dried in a furnace at S009C for 1 hr with a heating rate of
30C/min before the hot pressing.

Physical vapor deposition of Alz03 on to Nb foils was conducted using Thermionics
100-0030 with a electron beam heated source. The emission current was 200 mA with a
putential difference between the cathode and the anode being 3 KV. The resulting deposition

rate was 10 A/sec. The thickness of the Al203 deposit in the present study was 1 pm.

The hot dipping and anodizing technique for the formation of Al203 coating consisted
of the following steps. First, Nb foils were hot dipped into a molten aluminum bath for 2
minutes which was kept at a temperature of 9309C. Second, the hot dipped Nb foils was
anodized in an electrolyte containing 5 wt.% of sulfuric acid to convert the aluminum into
alumina. The anodizing was conducted at ambient iemperature, and a constant DC voltage
ranging from 10 10 20 volts was applied to produce current densities ranging from 5 to0 25
mA/cm?2. Anodizing time was 30 minutes. More detailed description of the coating techniques
can be found clsewhere [11).

Exbricarion of Laminate G .

The test specimens were three layer composites with the coated or uncoated Nb foil
sandwiched in between two layers of MoSi2. The thickness of the Nb foils used was 0.127
mm. The specimens were prepared by stacking the coated or uncoated Nb foil with two layers
of commercially pure MoSiz powder of -325 mesh and then vacuum hot pressing at 14000C
for 1 hr with a pressure of 40 MPa. In order to minimize residual thermal stresses, the hot
pressed discs were held in the hot pressing chamber at 8009C for 1 hour before cooling down
to room temperature. The discs were thea cut into rectangular short bar with dimensions of
8.28x9.25x14.29 mm 10 prepare the specimens for the measurement of interfacial fracture
energy.

Measurement of Interfacial Fracture Encrey

The messurement of the iiucrfacial fracture energy was conducted on chevron notched
short bars using the procedures recommended in reference (12]. The technique involves
determining the critical stress intensity factor from the peak load of the notched bars and then
converting the critical stress intensity factor to the fracture energy of the interface. The equation
used to calculate the fracture energy of the interface, Gic, is (12]

Kics«
MoSip Gie=—p= oo m

: where E is the elasic modulus of MoSiy
AN and Kjcsr is the critical stress intensity
. > factor determined from the peak load of
TN o Nb the short bar test.

g 1 IR Jriooiss toil In the present study, however, a
g0 LT ool modified specimen geometry, as shown
in Fig. 1, was used. An advantage of the
-, present geometry is that there is no need

" for compliance calibration due 1o
y symmetry of compliance of the specimen

MoSiz with respect to the interface. The notch in
the short bar was cut parallel to the foil
using a diamon:  fering blade with a
o thickness of 0.4 - The thickness oi
the notch was ch: < be slightly larger
Fig. | Short bar specimen geomeury than thatof the ... 10 insure that the
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Fig. 2 Interfacial Microstructures of MoSiy/Nb laminate composites with different processing conditions.
(a) uncoated Nb. (b) PVD coated Nb, (c) sol-gel coated Nb, and (d) hot-dipping-and-anodizing coated Nb.

initiation and propagation of the crack is ac the weakest position among various interfaces
between mawrix/coating/reinforcement. The specimen was loaded at a constant test machine
crosshead speed of 0.005 in/min using a hydro-servo controlled MTS. The load was recorded
as a functon of the crosshead displacement.

RESULTS

Interfacial microstructures of MoSiz/Nb laminate composites with different processing
conditions are shown in Fig. 2. The detailed mechanism for the formation of the interfacial
compounds (interphases) beiween MoSi; and Nb and the effect of the coatings on the
interphase formation can be found elsewhere (11,13,14). Extensive interphase formation was
observed in MoSiz/uncoated Nb composites, resulting in the formation of intermetallics of
(Nb.Mo)Siz and NbsSi3. When the Al;03 coating was applicd, either the thickness of the
interphases was reduced or the composition of the interphase was changed (Fig. 2d). Such
changes have been atributed to the the retardation of Si diffusion and the suppression of Mo
and Nb interdiffusion across the coatings [14).

A typical load displaccment curve of the hot-dipping-and-anodizing coated Nb/MoSiy
jaminate and the comrespondir g fracture surface at the chevron crack are shown in Fig. 3. A
stable crack propagation has been achieved, as indicated by the fluctuation in the curve near the
maximum load. Therefore, the maximum load was used 10 calculate Gijc with the aid of
¢y. (1). By examining the wo fracture surfaces of a brokea short bar with SEM and EMP, the
{lure location at the interface could be determined. Depending on the processing conditions,
the crack propagates along an interface in some cases, or by kinking between two interfaces, or
only inside MoSiz matrix in other cases. Owing 10 this feature, the measured fraciure energy of
interface using the notched short bar has been referred 10 as (racture energy of the interfacial
region of the laminates. The measured fracture energies of the interfacial region and failure
lovations for laminate composites with different processing condions are summanized in
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Fig. 3 A typical load displacement curve of the hot-dipping-and-anodizing cossed NtvMoSiz laminate snd the
corresponding fracture surfaces at the chevroa crack.

Table 1. For comparisoa, fracture energy for MoSi3 alone is also included in the wble.

In the case of the hot-dipping-and-anodizing, the failure of the laminate occurred maialy
along the Aly03/NbSi; interface. A small portion of the failure also occurred in the NbsSi3
phase, as shown in Fig. 3, which was probably due to the discontinuity of the oxide coating
generated during the anodizing process and/or the roughness of the interface. Similar fracture
surface was observed for the sol-gel coated Nb/MoSiz laminate. Correspondingly, the
specimens using the two coaling wechniques mentioned above exhibited a similar fracture
encrgy of the interfacial region. By changing the sol-gel processing control parameters, the
interphase formed can be limited to be only one phase, i. e., NbsSi3, instead of (Nb,Mo)Siz
and NbsSi3 [11,13). However, the measured fracture energy of the interfacial region in this
case is the same as Al203/(Nb,Mo)Si; interface, as shown in Table 1.

Quite different fracture surface was observed for the PVD coated specimens. As shown
in Fig. 4, failure locadon in this case was partially in MoSiz and partially at the interface of

Table 1. Fracture energy and failure location of the interfacial region in the coated and

uncoated Nb/MoSis systems
System Failure locanon Toughaess, Gjc. J/m?
MoS1; alone ' 337+ 14
MoSi/uncoated Nb inside the MoSi >33.)
MoSiy/sol-gel coated Nb AlO3/(Nb,Mo)S13 interface 16.1£1.3
ot AlyO3/NbsSiy interface
MoSiy/hot-dipping-and- Al;03/NbS1; interface 155t 1.6
anodizing coated Nb
partially inside the MoSi; and
MoSiz/PVD coated Nb pm::fally at Al201/(Nb,Mo)Sia 31.7¢3.4
inter{ace




Fig. 4 Fracwure surface at the chevron crack of a Fig. 5 An enlarged fracture surface of the tip arca in
PVD coated NbMoSi; specimen Fig.4. -

Al>03/(Nb,Mo)Siy. This is believed to be duce to the small and frequent discontinuity of the
oxide coating (Fig. 2b) caused by the presence of the SiO7 and free Si in the commercially pure
MoSis powder, as shown in Fig. 2(a) and reported in elsewhere [15,16). Because of such
small and frequent discontinuity of the coating, the fracture resistance along the
Al;03/(Nb,M0)Sij interface has been increased. Combining the effect of the roughness of the
interface (Fig. 2b), crack is unable to propagate along the Al;03/(Nb,Mo)Siz interface, but
have 1o kink between the interface and MoSi; matrix to obtain crack propagaton with minimum
energy consumption.

For the uncoated Nb/MoSi3 laminates, the failure was observed to take place inside
MoSi; rather than at the interfaces, indicating that the interfacial region has a higher fracture
energy than the mamix. The fracture encrgy of MoSiz measured in the present swdy is
33.7 J/m2. Thus, the fracture energy of the interfacial region in uncoated Nb/MoSiz laminates
must be higher than this value. Indeed, all the measuremnents conducted on uncoated Nb/MoSiz
laminaies were about 36.4 J/m? because the crack in MoSis failed to follow the chevron
notched plane strictly.

DISCUSSION

Various interphases were formed in the present study due to the diffusion of Si, Mo
and/or Nb through the coating. The thickness and the nature of the interphases were found to
depend on the processing temperature and time (13,14). Because of the presence of the various
interphases, the interfaces at the interfacial region have been divided into three categories, as
shown in Table 2. Category I consists of an interface (bonding) between the oxide coating and
intermetallics. Category II is composed of a bond between two intermerallics. Category Il is
the interfaces which have a bond between a metal and an intermetallic. Because of the
interaction, no direct bonding between oxide and metal was observed. By examining the failure
locations and fracture energy of the interfacial region measured, the fracture energy for the
interfaces present in this study can be estimated and summarized in Table 2.

It is noted that fracture energy for the oxide bond, category I, is lower than the bonds
between intermetallics or between a2 metal and an intermetallic (categories IT and MT1). ltisata
level of 16 J/m? in the present instance, which is even lower than the fracture energy of the
alumina itself (~ 20-40 J/m?). The low fracture energy of the oxide bond is atributed to the
low bond strength between alumina and silicides involved. As concluded by Sutton and
Feingold [17]. the bond strength between oxide and other materials is directly related to the
amount of interaction between the two materials, and the free energy of formation of the other
materials’ oxide is an imponant criterion in determining the interaction. Weak bonding will
form: when the conditions are unfavorable for the formation of other oxides. In the present
case. elemental Mo, Nb and Si have a lower free energy of formation of their oxides in
comparison with Al203 (18). As such, {ormation of silica, niobium and molybdenum oxides,
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directly or by decomposition of MoSia, is
Table 2. Fracture energy of the interfaces unfavorable in tcrms of frec energy change.
Therefore, it is expected that the reactivity of
System (category) 2 the silicides with alumina would be very low,
Mod1z L B G'fj_;lm resulting in 2 low bond strength. On the
ALOVINDMoR; (D T4 otherhand, if the free energy of formation is
AIzWNbS'iz i) T3 more favorable for forming other oxides
AL OTND Y I T4 insicad of alumina, suong bond may form. An
20/NbsSi3 (U] — example is given by the work of Dalgleish et al.
ALOyModiy (U] >167 (19). They found that crack always initiated in
MoS12/(Nb.Mo)Sia (1) 233.7 the alumina adjacent to the interface of 2 Al-Mg
NbsSi3/(Nb, Mo)Si;  (I1) 233.7 alloy bonded to an alumina. High bond
NbsSty/Nb (1) >33.7 strength in this case can be attributed to 2 much
more negative [ree energy of formation for

MgO than that of Al203.

Morcover, the fracture energy of category I interface was found to be insensitive to the
change in the composition of the silicides, as shown in Table 2. This is probably due to the
similarity of Nb and Mo in their atomic structures. If this is true, Al203/MoSi; interface should
show similar fracture energy. However, no failure at Al;03/MoSi; interface was observed in
the present study. As shown in Fig. 2(c) and (d), onc major difference of Al203/MoSi2
interface from the Al,03/NbSi; and Al,O3/(Nb,Mo)Siy interfaces is that the former is rougher
than the latter. Such roughness of the interface can increase fracture resistance by the
mechanism of interlocking and crack deflection. Thus, Al203/MoSij interface shows a higher
fracture resistance than Al203/NbSiz and Al203/(Nb.Mo)Si3 interfaces, although their bond
strengths may be similar.

Category II and 11l interfaces all exhibit higher fracture resistance than MoSi2 matrix,
indicating the bond swrength between two intermetallics or between a metal and an intermetallic
is high. In this case, crack was observed to propagate inside the MoSiz matrix instead of inside
the interphases formed. However, this does not necessarily mean that MoSis has a lower
inherent fracture resistance than that of the interphases, (Nb,Mo)Siz and NbsSi3. It is believed
that the low apparent fracture resistance of MoSi3 in the present instance is partially related to
the high porosity and SiO7 in MoSiz adjacent to the interface, as shown in Fig. 2(2). High
porosity is due to the fast diffusion of Si into Nb and segregation of vacancy onto the opening
channel of MoSi powder compact. In contrast, the interphases formed are very dense, as
shown in Fig. 2. Because the pores distribute along the grain boundary of MoSiy, it is
expected that crack would propagate along the grain boundary and an intergranular fracture
results. Indeed, this is confirmed by SEM observation. Fig. 5 shows an enlarged fracture
surface of the tip area in Fig. 4. Similar intergranular fracture was observed in MoSiz
specimens, consistent with the report by Kaufman et al. [15). Therefore, low apparent fracture
resistance of MoSiy is partially caused by the presence of porosity and SiO.

Different processing routes have shown little effect on the fracture energy of the
interfacial region as long as the oxide coating is thick enough to prevent the breakdown of the
coating by the attack of SiO3 and free Si. Fracture energies for the interfacial region generated
by sol-gel technique and the hot-dipping-and-anodizing techuique are similar because a thick
and continuous coating has been formed in general by these two techniques. The results
indicate that bond strength merely depends on chemical bonding rather than on a long range
interaction force. For the PVD coated laminates, a frequent discontinuity in the coating results
in a partial oxide bond and a partial intermetallic bond interface, leading to an increase in
fracture resistance of the interfacial region.

CONCLUDING REMARKS

The present set of experiments have demonstrated that fracture energy of an interfacial
region depends on the interfacial bond suength, roughness of interface and microstructure of
the two component materials at the interface. Weak bond strength leads to a low interfacial
fracture energy. Roughness of the interface increases the interfacial fracture energy. Porosity in
one of the two component materials at the interface could lead to a low fracture energy of the
interfacial region due 10 the crack propagation along th.c weak path in one of the component
materials instead of along the interface. Processing routes can affect fracture energy of the
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interfacial region by changing interphase formation, changing roughness of interface, or by
changing microstructure of materials adjacent to the interface. However, if such changes have
oot been brought out during processing, there will be little effect of processing routes on
fracture encrgy of the interfacial region.
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ABSTRACT

It has been established that substantial toughening
of brittle matrices can be achieved by incorporating
ductile reinforcements. However, in most cases the
ductile reinforcements have lower elastic moduli
than matrices, which would affect the stiffness and
strength of the composites. In the present study,
laminated composites of MoSiz reinforced by Nb
foils were used to explore the effects of ductile
reinforcement on the stiffness and strength of the
composites. The effects of reinforcement size were
also studied by changing thickness of the Nb
laminae from 0.127 mm to 1.0 mm. Four point
bending tests were conducted to measure the
flexural strengths of the laminates. The results
were analyzed in terms of the theory of laminated
composites. It was found that residual thermal
stresses had influence on the stiffness of the
composites, and the strength of the composites
relied heavily on the microstructure of the MoSi;
matrix. Furthermore, it was found that -both of
stiffness and strength of the composites could be
predicted from the theory of laminated composites
provided that the residual thermal stresses and the
microstructure of the MoSiz matrix were taken into
account.

. INTRODUCTION

Most ceranucs and intermetallics have high elastic

2

moduli, low densities, and can withstand high
temperatures and hostile environments. These
properties make them attractive candidates for
high temperature structural applications.
Nevertheless, intrinsic brittleness of these
materials impedes their applicatiors as structural
materials. Recent progresses in composite
technology have significantly improved toughness
of ceramics and intermetallics. Among various
toughening approaches, ductile phase toughening
has been shown to be an effective way to improve
toughness of ceramics and intermetallics [1-8].
Ductile reinforcements used usually have lower
elastic moduli than ceramic and intermetallic
matrices, such as TiAl/Nb (1), ZrO2/Zr (2],
MoSi2/Nb [7] and WC/Co (8]. With the
incorporation of a ductile phase into a matrix,
stiffness of the composite would be lower than that
of ¢he matrix due to the lower elastic modulus of
the ductile phase used. Similarly, strength of the
composite would be lower than that of the matrix
because of load transfer from the ductile phase to
the matrix. Small decreases in these two properties
are desirable because both stiffness and strength are
crucial properties for structural materials.

In the present study, how strength and
stiffness are affected by the addition of ductile
reinforcements to brittle matrix has been
investigated. Comparison between the
experimental results and the laminate plate theory
has been emphasized to examine any special




characteristics of ductile-phase-reinforced brittle
matrix composites. The system selected for
investigation was MoSiy matrix reinforced by Nb
foils because a significant improvement in fracture
toughness of the composites has been achieved in a
related study [9]. Also, Nb metal has a lower lastic
modulus (105 GPa) than MoSi> matrix (379 GPFa).
Due to such a combination, lower strength and
stiffness of the composites are anticipated
compared to the basic matrix. Another objective of
the study is to explore the effects of reinforcement
size on the stiffness and strength of the composites,
which has been achieved by changing thickness of
the Nb laminae from 0.127 to 1.00 mm.

II. REVIEW OF LAMINATED PLATE
EQUATIONS

In order to quantitatively analyze the experimental
results and illustrate some consequence, the
laminated plate equations used in the present study
are reviewed briefly. For laminated beams having
ratios of inplane dimensions to thickness less than
ten as in the present study, beam deflection is
considerably larger than predicted by classical
laminated plate theory owing to the effects of
transverse shear deformation and rotatory inertia
{10,11]. Therefore, the effects of transverse shear
deformation and rotatory inertia on beam
deflection have been taken into account in the
present study.

2.1 ELASTIC MODULI OF LAMINATES - For four
point bending of a symmetric laminate beam,
Fig. 1, the relation between deflection of the
laminated beam, W, and load is given by [12]

3
Waat  (1-48(2)+48(30%85]
768 Ey | L L
for L/4 SxSLR .o N

where P and L are defined in Fig. 1, I is the moment
of inertia of the cross section of the beam, Ey, the
effective bending modulus of the laminated beam,
S is a shear correction factor given by

.......................

where K equals 5/6, a parameter introduced by
Reissner [13] in the constitutive relation for
transverse shear, Gy, is shecar modulus of the
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Fig. 1 Schematic of a laminated bend bar and the
arrangement of a bend test.

laminate, h is thickness of the beam and Ep has the
same meaning as in eq (1), which in the case of
laminates consisting of isotropic laminae has been
shown by Pagano [14] to be equal to

N
z gkik
k=1

I

where Ek is the modulus of the kth layer relative to
the beam axis, Ik is the moment of inertia of the
kth layer relative to the midplane, and N the
number of layers in the laminate.

By solving equations (1) and (2)
simultaneously, the effective bending modulus in
terms of the quarter point deflection can be
obtained as

S )

Eb=

pL3

Fo PL
8bh3[Wq - -ormrmeeeme- ]

8KbhGxz

where Wq is the deflection at the quarter point and
b the width of the beam. By using eq. (4), the
effective bending modulus can be calculated from
load-displacement data in 4-point bending tests.

2.2 STRESS DISTRIBUTION IN LAMINATES -
Following Yang, Norris and Stavsky [10] and
Whitney and Pagano [11], the constitutive equation
for a layer in a laminate is given by

le Q16 € °+zx
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where 1Q;j’} are the transformed reduced stiffness

matrix for the layer in the laminate, o,, Oy, and Oxy
are stresses in the layer of the laminate at any

position through the thickness z, ex©, ey© and exy®
are the midplane strains, and xx, Ky and Kxy are
derivatives defined as follows.

8 99y 3% 3%
X ax ' y ay = % a3y dx

where @x and @y are the rotations about y-axis and
x-axis, respectively. For bending of a symmetric
laminate beam, derivative x's are expressed as

[5] [ o 2] [
ey Q¢ * D" Dgs Myy

...................... (6)

where My, My and Mxy are the moment resultants
at the midplane, and Dj* are elements of the
inverse of stiffness matrix D of the laminate. For
bending of a laminated beam, Fig. 1,

exo = eyO = EXYO =0
My = Mxy =0

Solving equations (5) - (8) simultaneously,
the stresses in each layer of the beam at any
position through the thickness z during four-point
bending tests can be calculated and the resultant
equation is

Ox =-2z[Qn'Dir* + Q12’Di2* + Qi¢Dig* J { PL/8b] -

for L/4<sxsSL/2 . 9
The outer layer stresses during the bending
test can be found from eq. (9) by setting z = - (h/2).

2.3  RESIDUAL THERMAL STRESSES IN
LAMINATES - Equation (5) can be utilized to
calculate residual thermal stresses in laminates.
Following Tsai and Hahn (15], the residual thermal

stresses, [oR)y, and strains, (eR],y, in a layer of the
laminate at any position throug% the thickness z
are expressed as

IUR]xy =[(Q) [ER]xy

where |Q') is defined in equation (5), and the
notations

loklxyT ={ okR, oyR, nyR |
and  [eR]yT = [&,R, &\, ey}

The subscript xy denotes the X, Y, Z
coordinate system used. We will use this notation
in the following text unless otherwise mentioned.
The residual thermal strains are given by

(Rlxy = [Ty + Z [KThy - [€Thyy e 11

where [eTlxy are the unconstrained thermal strains,
[€°T)yy the final midplane strains and [ xT)xy the
final derivatives in the X, Y, Z coordinate system as
temperature changes from T; to T2. The
unconstrained thermal strains [eT]xy are related to
the unconstrained thermal strains along the
lamina principal axes, {eT};2, and coefficients of the
thermal expansion of the lamina with the
following equations

[eT]xy = [TeJ! [eThy

and
e1T=a1 AT, e2T =2 AT, e12T=0 .......... (13)

where a; are the coefficients of the thermal
expansion of the lamina in the lamina principal
directions, [ T¢ ]! is the inverse of the strain
transformation matrix, and the subscript 12 denotes
the lamina principal axis coordinate. The final
strains, which are [€°T],y + z [xTlxy, are determined
from

[#]- [+ 3] 3]

where A, B and D are the stiffness matrices of the
laminate, and NT and MT are the thermal stress
and moment resultants which are defined as

T k/2
y)"'I

(NXTlNYT:N X -h/2

T T
(O';r, O.y » °xy ) dz

T 2
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with [oT) given by




[onxy =(Q] [enxy

Solving equations (10) - (16) simultaneously,
residual thermal stresses in the laminate can be
calculated.

IIl. EXPERIMENTS

MoSiy composite laminates with 20 vol.% of Nb
foils were produced by vacuum hot pressing at 1400
% 50C under a pressure of 40 MPa for 1 hour. All
hot pressed discs were held at 800°C for 1 hour
before taking out the hot pressing chamber to
reduce residual thermal stresses, and then furnace
cooled to room temperature. Thickness of the Nb
foils used ranged from 0.127 to 1.00 mm. The
laminates produced were all symmetric relative to
the midplane and the outside layers of the
laminates were always MoSiz regardless of the
thickness of the Nb foils used. For comparison,
monolithic MoSiy specimens were also fabricated
by hot pressing with the same condition as the
composite laminates.

Flexural strengths of the monolithic MoSi2
and composite laminates were measured using a 4-
point bending fixture mounted on a hydro-servo
controlled MTS. The inner and outer span of the
bend fixture are 10 and 20 mm, respectively. The
bend bars had a rectangular cross-section with
nominal dimensions of 5.08 mm thick by 4.00 mm
wide. These dimensions were limited essentially by
the available size of the hot pressed specimens. The
orientation of the specimens was such that the
tensile and compressive faces of the bend bars lay
perpendicular to the hot pressing direction and
parallel to the lamina plane. The surfaces of the
bend bars were ground using SiC abrasive paper up
to 320 grit with the final grinding direction parallel
to the bar axis. The testing was done at a cross-
head speed of 0.005 in/min, and the load was
recorded as a function of cross head displacement.
Since objective of the study was to compare the
stiffness and flexural strength of specimens with
different sizes of Nb reinforcement and no Nb
reinforcement, no effort was made to strain gage
the specimens in as much as the testing condition
was held constant.

To find out residual thermal stresses in the
laminates, coefficients of the thermal expansion of
the Nb foils used and hot pressed monolithic
MoSi; were measured using a dilatometer with a

load, N
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heating rate of 4°C/min and Ar atmosphere from
room temperature to 1200°C. Microstructure
examination of the laminates was conducted using
an optical microscope. The volume fraction and
size of the porosity and the grain size in the MoSi
matrix were determined using an image analyzer.

IV. RESULTS AND DISCUSSION

4.1 STIFFNESS OF THE LAMINATES - Fig. 2 shows
three typical load-displacement curves of 4-point
bend test on MoSiz laminates reinforced by 20
vol.% of Nb laminae with a thickness of 0.5 mm.
The first load drop in the curves of Fig. 2
corresponds to the initiation and rapid propagation
of a crack through the outside layer of MoSiz and
the ending of the crack propagation at the front of
the first Nb lamina encountered. The rest of the
curves reveal the characteristics of ductile phase
bridging 2ad crack propagation through the rest of
the MoSiz matrix. Due to this feature, the initial
linear portion of the load-displacement curve is
used to calculate a quantity, (P/bh3)(1/(Wgq-
PL/8KbhGxz)), in equation (4), which is linearly
proportional to the effective bending modulus of
the laminate. Since the displacements in the
present study were based on measurement of only
cross-head displacements, eq. (4) cannot be utilized
directly. Thus, the quantity (P/bh3)(1/(Wq-
PL/8KbhGxz)) is normalized by a quantity
C(P/bh3)/Wq which is obtained from, the bend test
of the monolithic MoSi2 specimens and is also
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Fig. 2 Typical load-displacement curves of 4-point bend test

on MoSi, laminates reinforced by 20 vol. % of Nb
laminae with a thickness of 0.5 mm.
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linearly proportional to the bending modulus of
the specimens. The C in the aforementioned
quantity is a constant taking into account the
deflection due to the shear deformation of the
beam and is derived from the stress function
proposed by Ugural and Fenster [16). The
expression of C is

C=1+2(1+v)(h/L)2/0.84

where v is the Poisson’s ratio of the beam, and L
and h are defined in Fig. 1. The normalized
quantity is called as normalized slope throughout
the text for convenience. The normalized slopes
measured are listed in table 1. For comparison,
effective bending moduli calculated frem eq. (3) are
also normalized by elastic modulus ¢ ; MoSiz and
the results denoted as normalized modulus 1 are
also included in table 1. The data of the normalized
slope and modulus 1 versus thickness of the Nb

Table 1. Summary of the normalized stiffness of the
laminates

Material 10mm O05mm 025mm 0.127 mm
Nbreinf. Nbreinf. Nbreinf. Nbreinf.

Norm.

slope 0.990 0.925 0.885 0.845
Norm.

modulus 1 0.995 0.941 0.913 0.884
Norm.

modulus2  0.994 0.930 0.895 0.865
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Fig. 3 Comparison between measured normalized slopes
and calculated modult as a function of the thickness
of Nb laminae.

laminae are plotted in Fig. 3. As anticipated, Fig. 3
shows that the addition of Nb reinforcement

_ decreases moduli of the laminates and the moduli

of the laminates decrease with decreasing the
thickness of the Nb laminae. The results are in
good agreement with the fact that the moment of
inertia of the cross section stemmed form MoSi;
becomes smaller and smaller with decreasing Nb
thickness while the volume fraction of Nb laminae
is kept constant. It is noted that the normalized
slopes and moduli show the same trend of stiffness
variation with the thickness of the Nb laminae,
indicating eq. (3) is an adequate equation to describe
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Fig. 4 A schematic showing how residual thermal stresses
affect elastic modulus of the laminate. (a) Stess
distribution in the laminate during a ensile loading,
(b) the corresponding stress-strain curve of the
laminate.




the effective bending moduli of the laminates.

By definition, the normalized slope should
be exactly equal to the normalized modulus 1.
However, Fig. 3 shows that the normalized moduli
are always higher than the normalized slopes. The
discrepancies are believed to be due to residual
thermal stresses in the laminates. The effect of
residual thermal stresses on the elastic modulus of
laminates can be illustrated schematically in Fig. 4.
Suppose the laminate shown in Fig. 4 has such
residual stresses that material 1 is in compression
and material 2 is in tension. When a tensile stress,

01, is applied to the laminate in a direction parallel
to the lamina plane, the modulus of the laminate
stems only from material 2 because material 1 does
not carry any load at this stage, but simply change to
less strained state. Only after the tensile stress is

above 02 which make material 1 restore to totally
unstrained state, does material 1 begin to contribute
modulus to the laminate. To verify this is the case
in the present study, calculation of residual thermal
stresses in the laminates were carried out using
equations (10) - (16) with an assumption that no
strain relaxation occurs during the cooling of the
specimens form 800°C to room temperature. The
coefficients of thermal expansion of the Nb and
MoSi; used in the calculation for this temperature
range were 7.599 x 10°6/°C and 8.227 x 106/°C,
respectively, which were measured in the present
study. The calculated results are listed in table 2. As
seen from the table, Nb laminae are in compression
while MoSi2 matrix is in tension in the as-hot
pressed laminates. Therefore, according to the
hypothesis proposed earlier, the bending modulus
of the tensile part of the beam comes only from
MoSiz , and that of the compressive part of the
beam comes only from Nb at least at early stage of
the loading. More and more MoSi2 and Nb

Table 2. Summary of the residual thermal szesses
and strains in the as-hot pressed laminates

Lamina Nb MOSiy
Unconstrained

strain, T -6.079x103 - 6.582x103
Final thermal

strain, eT -6.539x103 - 6.539x10-3
Residual thermal

strain, eR - 4.599x104 4.249x10-5
Residual thermal

stress, sR -79.16 MPa 19.40 MPa

contribute to the bending modulus of the laminate
as the bending load is increased. The final bending
modulus of the laminate depends on how much
MoSi; and Nb make contributions. To find out
this, the stress distribution in the laminates
reinforced by different thicknesses of Nb laminae
were calculated using equations (5) - (9). The
maximum bending load in the calculation was
determined with an assumption that the outer
layer of MoSiz can only sustain a tensile stress of
319 MPa which is the mean strength of MoSi2
measured in the present study. The residual
thermal stresses were taken into account by
superimposing them to the stress field induced by
the bending moment. The results are plotted in
Fig. 5. Note that all the laminates used did not have
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Fig. 5 Calculated stress distribution in the MoSij laminates
reinforced by 20 vol.% of Nb laminae with a
thickness of (a) 1.0 n.w, (b) 0.5 mm, (c) 0.25 mm
and (d) 0.127 mm.




moduli of the

contributions from Nb foils in the tensile part of
the beam because the Nb laminae stiil have not
changed from compression to tension. In light of
this reasoning, eq. (3) was used to calculate the
laminates without taking
contributions of half Nb laminae into account. The
moduli obtained were again normalized by the
modulus of MoSiz and referred to as normalized
modulus 2 as shown in table 1. Fig. 6 shows the
comparison among the normalized slope, modulus
1 and modulus 2. It is obvious that the normalized
modulus 2 fits the experimental data better than
the normalized modulus 1, indicating that residual
stresses indeed affect the moduli of the laminates.
According to the hypothesis proposed, the bending
moduli of the laminates should change gradually
during the bending test, i. e. the slopes of the load-
displacement curves should change gradually. This
is very hard to ascertain in the present study
because the change is very small and no strain gage
is used.

4.2 FLEXURAL STRENGTH OF THE LAMINATES
- The measured mean strengths of all the laminates
as a function of thickness of the Nb lamina are
plotted in Fig. 7. For comparison, the predicted
flexural strengths of the laminates calculated using
egs. (5) - (9) are also included in Fig. 7. In the
calculation the residual thermal stresses are
superimposed to the stresses field induced by the
bending moment and an assumption is made that
the outer layer of MoSiz can only sustain a tensile
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Fig. 6 Comparison among measured normalized slopes and
calculated normalized moduli with contribution of all
Nb laminae and of only half Nb laminae.
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stress of 319 MPa which is the mean strength of
MoSiz measured in the present study. Note that the
laminate plate theory predicts a decrease in the
strength with decreasing thickness of Nb lamina.
However, the experimental results do not exhibit
such behavior. Also note that there exist a large
scatter in the data of the strengths. Each
experimental datum point in Fig. 7 is the results of
12 specimens which come from 3 batches of hot
pressing. If the strengths are examined in terms of
each batch of the hot pressing, the scatter of the data
becomes much smaller, suggesting processing
factors play a role in the strength of the laminates.
Examination of microstructures of the MoSi2
matrices in dirfferent laminates revealed that size
and volume fraction of porosity and grain size
varied from batch to batch. Fig. 8 (a) - (c) show some
typical microstructures of MoSiy matrices from
different laminates, and the quantitative
measurement of the microstructure and the
corresponding strength measured are summarized
in table 3. The mean lineal intercept, L3, used in
table 3 is not a diameter, but is frequently used to
estimate diameters [17,18). It is noted that the
smallest grain size measured is close to the starting

size of MoSi; powder used which is ~5 pm in
diameter. Change of the grain size within
controlled variation of hot pressing temperature of
only + 5°C indicates that the hot pressing
temperature used in the present study is the critical
temperature at which grain growth is about to
occur. It is also noted that strength scatter becomes
smaller when strength is reported based on the data
from the subgroups. Such change of the strength is
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Fig. 7 A plot showing measured and calculated mean
flexural strengths of MoSi; laminates reinforced by
20 vol.% of Nb laminae as a function of the thickness
of the Nb laminae.
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Fig. 8 Optical microstructures of MoSia. Top micrographs are as-polished surfaces showing porosity features;
bottom micrographs are the corresponding polarized light images showing grain features. (a) The
monolithic MoSis, (b) the MoSia matrix in the laminates reinforced by 1.0 mm thick Nb laminae, and
{c) the MoSi7 matrix in the laminates reinforced by 0.5 mm thick Nb laminae.

believed due to the change of the microstructures
as shown in Fig. 8 and table 3.

It is well known that the strength of brittle
materials, especially ceramics, are controlled by two
main sets of parameters, i. e. material parameters
(such as composition, crystal structure, size and
volume fraction of porosity, grain size, surface
condition, cracks and internal stresses from
thermal expansion anisotropy or phase
transformation, etc. ) and environmental
parameters (such as temperature, atmosphere,
strain rate and loading methods, etc. ). The relevant
variables in the present study are size and volume
fraction of porosity, grain size, surface condition
and internal stresses, because other parameters
have been kept constant. Pores play a two-fold
function in the strength of brittle materials; one is
as fracture origin [19], the other is reduction of the
effective solid area which resists frecture [20] In the
present case, the pores can not be controlling factor
in the tracture ortgin becanse ae o sige ol the

.
NG

porosity is much smaller than that of the

machining flaw, ~30 pm, produced by grinding
with 320 grit SiC abrasive paper [21,22]. Change of
the volume fraction of porosity did not show
systematic effects on the strength as seen in table 3.
Thus, the change of the strength is attributed to
change of the grain size. Table 3 shows that the
strength decreases with increasing grain size within
each group. Similar prain size dependence of
strength were observed in other ceramics [20, 22-25).
Such grain size dependence of strength is believed
due to internal stresses from thermal expansion
anisotrapy of the noncubic MoSiz and the change
of resistance to crack propagation for such specific
size of the machining flaw because the ratio of
machining tlaw to grain size is about 1 - 3 in the
present case depending on whether the maximum
Or average grant stze s wsed [23,26].

To avoud the eltect of microstructure on the
strenpth. the strengths megsured trom lanunates
with sl grun size of MoSe: matrin are plotted
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Table 3. Microstructural propertics of the matrices and the corresponding flexural strengths of the

laminated composites

Group Monolithic MoSi7 1.0 mm Nb reinf. 0.5 mm Nb reinf.
Subgroup HP1 HP2 HP3 HP4 HPS5 HP6
Strength, MPa 393+60 251+17 363130 288167 284138 253126
Volume fraction
of porosity (%) 6.04+093  6.78xl1.11 9.28+0.99 5.82+047 6.1840.66 6.87+1.70
Mean lineal intercept
of porosity, L3, (mm)  0.81+0.07 1004005 1.1510.10 0.9330.05 0.8130.04 1.2310.15
Mean lineal intercept
of grain, L3, (mm) 4.88+0.23 9.75+2.88 4.9440.53 7.32£2.46 6.09+1.47 1097+2.74
Largest grain
diameter (mm) 24.39 48.78 12.19 46.34 24.39 48.78

in Fig. 9. Calculated strengths from laminate plate
theory are also included in the figure with an
assurr. ion that the outer layer of MoSi2 can only
carry a tensile stress of 393 MPa which is the mean
strength of the monolithic MoSi2 specimens with

average grain size of 4.88 um. Note that the
experimental data of subgroup C is well below the
prediction, which is attributed to a relatively large
~vain size of subgroup C specimens. Therefore, all
a all the calculated data in Fig. 9 fit the
experimental data better than in Fig. 7 which does
not exclude the effect of grain size. Thus, it is
concluded that when microstructure of the brittle
matrix is kept constant, the laminate plate theory
could be used to describe the strength of brittle
matrix laminates reinforced by ductile phase.

g
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Fig. 9 A plot of mean flexural strengths measured and

calculated from the Jaminaies with similar grain size of

MoSiz matrix. The grain size of the MoSi; matrices

and the laminated composites are

A: 4,88 mm, monolithic MoSi»;

B: 4.94 mm, 1.0 mm Nb reinforced;

C: 6.09 mm, 0.5 mm Nb reinforced;

D: 4.86 mm, 0.25 mm Nb reinforecd;

E: 574 mm, 0.127 mm Nb reinforced.
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However, effect of the microstructure of the brittle
matrix could be very strong and overshadows the
effect of the addition of ductile phase.

V. SUMMARY AND CONCLUSIONS

The present set of experiments show that
toughening brittle matrix by incorporating a ductile
phase with a low elastic modulus is accompanied
by a reduction in the stiffness of the composites. As
much as 15% reduction in flexural stiffness is
observed in the MoSiz laminates toughened by 20
vol.% of Nb laminae with a thickness of 0.127 mm.
The magnitude of the reduction in flexural
stiffness is a function of the thickness of the Nb
laminae, as predicted by the laminate plate theory
and confirmed in the present investigation. At a
constant volume fraction of the reinforcement, the
thicker the Nb laminae, the higher the stiffness of
the laminates. Residual thermal stresses in the
laminates is found to have influence on the
stiffness of the laminates. Such effect always
decreases the stiffness of the composites regardless
of the loading methods. The use of the laminate
plate theory is found to predict the stiffness of the
MoSiz/Nb laminates quite well as long as the
residual thermal stresses is taken into account.

The measurement of the flexural strengths
indicates that flexural strength is also decreased
with the incorporation of a ductile phase with a
low elastic modulus. Such decrease becomes larger
as the Nb laminae become thinner at a constant
volume fraction of the Nb reinforcement. The
observed decrease in the strength can be estimated
using the laminate plate theory so long as the
microstructure of the matrix is kept constant. In
the present instance, the microstructure of the
matrix shows a strong influence on the flexural
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strength of the laminated composites and in fact
overshadows the effect of the incorporation of the
ductile phase. These results suggest that the
controlling factor in the strength of ductile-phase-
reinforced brittle matrix composites is the
microstructure of the matrix. Therefore, a good
control of the microstructure of the brittle matrix is
crucial to obtaining high strength composites
containing a ductile phase with a lower elastic
modulus.
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Interfacial modification in Nb/MoSi, composites and its effects on

fracture toughness

L. Xiao and R. Abbaschian
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Abstract

Niobium-reinforced MoSi, composites have shown a large improvement in fracture toughness over the MoSi, matrix.
However, the chemical incompatibility of niobium with MoSi, has to be solved for high-temperature structural applica-
tions of the composite. In addition, the effects of interfacial coatings on the fracture toughness of ductile-phase-reinforced
composites need to be investigated to find the optimum toughening effect of niobium reinforcement. In the present study
different oxide coatings, Al,O, and ZrO,, were applied to niobium reinforcement and effectiveness of the coatings as
diffusion barriers was evaluated. The mechanical behavior and the fractographic characteristics of constrained niobium
were also examined. Finally, the effect of the coatings on fracture toughness of the composites was studied and compared
with predictions based upon tensile tests on a single constrained niobium reinforcement. The results are discussed in
terms of the interfacial fracture energy and micromechanical models of ductile-phase-reinforced composites.

1. Introduction

Molybdenum disilicide is an attractive candidate
material for elevated-temperature structure applica-
tions because of its high melting temperature
(2030°C), and excellent oxidation resistance at
elevat 'd temperatures. However, it has a low fracture
toughness at ambient temperatures and a high creep
rate at high temperatures. Toughening of the material
can be achieved by the incorporation of a ductile
second phase [1-6]. Previous studies (7, 8] have shown
that incorporating niobium filaments or foils into the
MoSi, matrix is a feasible approach to improving the
toughness. For example, it has been shown (8] that the
fracture toughness of MoSi, can be increased to
around 12 MPa m'/2 by the incorporation of 20 vol.%
of niobium filaments. However, the resulting com-
posites are unstable at elevated temperatures because
niobium reacts with MoSi,, forming other brittle inter-
metallic compounds such as (Mo,Nb),Si, at the inter-
face. The formation of the interfacial compounds at the
expense of the ductile reinforcement not only degrades
the toughening effect of the ductile phase, but also
causes a notch effect on the ductile phase {9). There-
fore, the use of an inert diffusion barrier coating on the
reinforcement is essential to decrease the interface
interactions during processing. and also to maintain the
integrity of the ductile phase at elevated service
temperatures.

In the present study, oxide coatings (Al,0, and
ZrQ,) were applied to the surface of the niobium
reinforcement prior to compositing. The effectiveness

of the coatings as a diffusion barrier was_evaluated.
Effects of the coatings on the diffusion path of the com-
posites and the fractographic characteristics of the
ductile reinforcement were also examined. Further-
more, effects of the coatings on the toughness of the
composites were studied and compared with predic-
tions based upon tensile tests on a single constrained
niobium reinforcement.

2. Experimental details

Al,0, coating on niobium foils was produced by a
sol-gel technique and ZrO, coating was obtained by
dipping the foils into a ZrO, coating solution. Details
of the coating procedures can be found elsewhere {7].
Model composites of MoSi, reinforced by 20 vol.% of
uncoated or coated niobium foils were produced by
hot pressing at 1400 °C for 1 h under a pressure of 40
MPa. The thickness of niobium foils used was 0.25 mm
and the volume fraction of niobium reinforcements was
controlled by stacking niobium foils with MoSi,".
powders in an appropriate thickness ratio.

The fracture toughness of the composites was
measured by {our-point bending on 3.81 x 5.08 x 254
mm? chevron notched specimens with an inner and
outer span of 10 and 20 mm, using a hydro-servo con-
trolled MTS with a cross-head speed of 4 x 107! mm
s 1. The chevron notch on the laminated composites
was cut perpendicular to the foil plane using a diamond
wafering blade.
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The investigation of the effect of the coatings on the
mechanical behavior of the constrained ductile phase
was achieved by tensile tests on precracked specimens,
as shown in Fig. 1. The test specimens were prepared
by stacking a niobium foil with two layers of MoSi,
powder at an appropriate ratio to form niobium foil
sandwiched discs and then hot pressing under the same
conditions as described for the laminated composites.
The discs were then cut into rectangular tensile test
bars with dimensions of 5.0 x 3.9 X 30.0 mm?>. Niobium
foils with thicknesses of 0.25 and 0.5 mm were used in
this study. The notches in the MoSi, matrix were intro-
duced using a diamond wafering blade. The distance
from the notch tip to the laminate interface was
200 um. This distance has been found to be small
enough not to dist~t the stress—displacement curve of
the constrained uuctile reinforcement and at the same
time maintain an appropriate degree of elastic con-
straint from the matrix [10]. The radius of the notch tip
was 0.075 mm. The tensile tests were conducted using
MTS with a displacement speed of 2.1 X 10" *mms™'.
The fracture surfaces of both chevron notched and
precracked specimens were examined with scanning
electron microscopy (SEM) to find the relationship
between constraining conditions and fracture surfaces
of ductile phases.

3. Results and discussion

3.1. Interactions between Nb and MoSi,

The microstructure and compositional profiles of an
MoSi,-uncoated-niobium interface hot pressed at
1400°C are shown in Fig. 2. As seen in the figure,
niobium and MoSi, reacted extensively during the pro-
cessing, forming three new intermetallic compounds at

Nb MoSi,
N4
y AU —

ASNAANANY!
ARSI

Fig. ). Schematic diagram of a composite laminate tensile test
spectmen.

the interface. The resulting interaction region consisted
of

Nb || Nb,Si, |(Nb,Mo)Si, | (Mo,Nb),Si; | MoSi,

However, it was found that (Mo,Nb),Si, existed in a
discrete form rather than a continuous layer. Most
(Mo,Nb),Si; was formed around the dark areas in Fig,
2 which were porosities or SiO,. A high magnifica-
tion of the (Mo,Nb)Si; microstructure at the
MoSi,-(Nb,Mo)Si, interface is shown in Fig. 3. The
thickness of the interaction zone formed was measured
to be about 30 um for hot pressing at 1400°C for 1 h.
In addition, the nature of the reaction products was
found to depend on the processing temperature and
time. For example, Fig. 4 shows the interfacial micro-
structure and the corresponding composition profiles
of an MoSi,/Nb sample which was hot pressed at
1700°C for 30 min. As seen in the figure, at this pro-
cessing temperature only one (Nb,Mo),Si, interphase

wt.%
8

Concentration,

T et

0 10 20 30 40 50 60
Distance, u m

Frg. 2. Microstructure and composition profile across the inter-
tace 1 the MoSi/uncoated Nb composite. hot pressed
1400 °C.
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T~y

Fig. 3. Microstructure of (Mo,Nb).Si, at the MoSi,~Nb,Mo)Si,
interface in the MoSi,/uncoated-niobium composite, hot pressed
at 1400°C.
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Fag 4. Microstructure and compaosition profile across the inter-

face i the MoSi, /uncoated-niobium composite. hot pressed at
1700°C,

was formed instead of the three intermetallics, NbSi;,
(Nb,Mo)Si, and (Mo,Nb);Si,, formed at 1400 °C.

Such temperature dependence of interphase forma-
tion can be explained in terms of the Mo-Si-Nb
ternary phase diagram and temperature dependence of
the diffusivity of each elemental species. The available
isopleth through MoSi,/Nb [11] shows that there are
two four-phase equilibria, at 1730 and 1740 °C, asso-
ciated with the MoSi,/Nb vertical section. The isopleth
[11] also shows that the relevant phase fields remain
essentially unchanged below the two four-phase equi-
libria. Therefore, the composition path in the present
study can be analyzed on the basis of the 800 °C iso-
thermal section [12], which has been slightly modified
by Lu er al.[13] to eliminate the Nb,Si phase [14] and is
shown in Fig. 5. The composition paths for hot press-
ing at 1400 °C and 1700 °C are also shown in Fig. 5 by
lines A and B respectively. The non-planar interface of
Nb,Si;«(Nb,Mo)Si, in Fig. 2 (hot pressed at 1400 °C)
suggests that the composition path crosses the corre-
sponding two-phase region by cutting across the tie
lines. However, the sharp interface of Nb-Nb,Si,
indicates that the composition path runs along the tie
line in the corresponding two-phase region. Therefore,
the composition path for 1400°C is shown in the
following route:

MoSi, — (Mo,Nb)Si, + (Mo,Nb)Si, (discrete form)
— (Mo,Nb)Si, +(Nb,Mo)Si, — (Nb,Mo)Si,

— (Nb,Mo)Si, + (Nb,Mo),Si; (cutting across
the tie lines)

— Nb,Si, + Nb (along the tie line of the
binary system)

— Nb

Similarly, based on the microstructure examination
and composition analysis, the composition path for hot
pressing at 1700 °C (Fig, 4) is

MoSi, — (Mo,Nb)Si, + (Mo, Nb),Si, (cutting across
the tie lines)

— (Mo,Nb),Si,

—= Nb,Si, + Nb (along the tie line of the
binary system)

— Nb

Since the isopleth of the Mo-Nb-Si system [11] shows
that the relevant phase fields remain essentially
unchanged below 1730 °C, the difference in the micro-
structures at different processing temperatures betow
1730°C might be due to the changes in the interface
reaction rate which is proportional to the free energy of
formation of these compounds or due to changes in dif-
fusion kinetics of the clemental species to the reaction
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(Mo,Nb) 33‘ +*
(Mo,Nb.S1)

Nb, at.%

Fig. S. Isothermal se~ion of the Mo~Si-Nb ternary diagram [12]
at 800 °C, showing the composition path of Nb/MoSi, systems.
Line A is for 1400 *C and line B for 1700 *°C.

sites. According to the phase diagram shown in Fig. 5,
the compounds formed in the MoSi,/Nb diffusion
couple may be described, depending on whether or not
(Nb,Mo)Si, forms, by the following formulae:

MoSi, + aNb — b(Mo,,Nb, _,)sSis

+¢(Nb, _,Mo,)Si, (1)
or
MoSi, +{(1 = 2)/z]Nb — (1/5zXMo,,Nb, _,)Si;  (2)

where the coefficients a, b, ¢, x, y and z depend on the
composition and relative amounts of the products. For
the above equations, it is assumed that 1 mol of MoSi,
reacts completely with the required amount of niobium
to form the compounds listed on the right-hand side of
the equations. The free energy for reaction (1) can be
calculated by considering several intermediate steps,
such as the following

MoSi, + Nb = (4/7)NbSi, +(1/5)Mo,Si, +(3/35)NbSi,
(3)

xMo,Si; +(1 — x)Nb,Si; =(Mo,,Nb, _, )sSi; (4)
and
yMoSi, +(1 — y)NbSi, = (Nb, _,,Mo,)Si, (5)

Similarly, reaction (2) can be broken down into

MoSi, +(7/3)Nb=(7/15)Nb.Si, +(3/15)MoSi,  (6)

TABLE 1. The standard free energy of formation for some
possible reactions in the MoSi,/Nb diffusion couple

Reaction AG| pr AG| 200
{kcal mol~!) {kcal mol~')
3 -44.46 -49.76
6 -37.45 -38.20
and
( 1- Z)NbsSis + ZMOsSi; = (MO‘,Nbl -‘)ssiJ (7)

Reactions (4), (S) and (7) correspond to the forma-
tion of the solid solutions from mixing of the pure com-
ponents. Based on the available thermodynamic data
[15], free energies of formation for consuming 1 mol of
MoSi, in reactions (3) and (6) were calculated for two
different temperatures, 1400 °C and 1700 °C, and the
results are listed in Table 1. As seen in the table, free
energies of formation for reactions (3) and (6) do nc*
change much as the hot pressing temperature increases
from 1400°C to 1700°C. It should be noted that
depending on the amounts of MoSi, and niobium par-
ticipating in reaction (3), the ratio of the products
NbSi, to Nb,Si; may not be fixed as indicated in the
equation. Other possibilities such as the formation of
much more Nb,Si; than NbSi, or a similar amount
have also been considered. However, the calculations
show that the same conclusion mentioned above (for
the case of more NbSi, than Nb,Si,) still holds for these
cases. Since no data on the free energy of mixing for
reactions (4) and (7) are available, the free energy of
mixing can be assumed to be ideal. This may not be an
unreasonable approximation sincc ‘Mo,,Nb, _,)sSi; is
a continuous solid solution as shown in Fig. 5. For this
case, the free energy of mixing is propc.tional to tem-
perature for a fixed composition. Thus, the change in
the free energy of mixing for reactions (4) and (7) from
1400 °C to 1700 °C should not change the order of the
free energy of formation for reactions (1) and (2). A
similar argument may apply to reaction (5), since the
isopleth of the Mo-Nb-Si system {11] shows that the
relevant phase fields remain essentially unchanged
below 1730°C, ie the phase relations between
(Nb,M 1Si,, (Mo,Nb)Si, and (Nb,Mo)Si, remain
unchanged (Fig. 5), implying that (Nb,_,Mo,)Si,
behaves more or less like an ideal solid solution. Thus,
although the free energies of formation for reactions (1)
and (2) change with temperature, the order of the free
energy of formation for reactions (1) and (2) does not
vary with temperatire in the range of interest. There-
fore, the effect of the free energy of formation of these
compounds on the reaction kinetics may not explain
the observed microstructural changes from 1400°C to

1700 °C.

i
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In contrast, the microstructural changes in the inter-
action zone at different processing temperatures could
be due to the change in the diffusion kinetics of silicon,
niobium and molybdenum, as will be discussed below.
The composition profile in Fig. 2 (1400°C) shows
clearly that silicon diffuses far deeper into the niobium-
rich region than molybdenum, indicating that silicon
has a higher mobility than molybdenum. This is con-
sistent with the available literature data [16, 17], which
show that diffusivities of silicon and molybdenum in
niobiumc~ .: expressed as follows:

Dg,=0.51x 10-2 exp(—48000/RT)  700-1500°C
Dy, =92 exp(— 122000/RT) 1725-2182°C

The above equations indicate that the diffusion coeffi-
cients of silicon in niobium at 1400 °C and 1700 °C are
2.73x107*% and 2.45x 10~* cm? s~ respectively. For
molybdenum, the corresponding values are
1.56 x 10~ and 2.81 x 10~ '2 cm? s~ . Because of the
low mobility of molybdenum relative to silicon, the
interphase formation at 1400°C is expected to be
dominated by the diffusion of silicon into the niobium
region. This is supported by the formation of Nb,Si,
adjacent to niobium instead of the formation of
(Nb,Mo),Si;. However, as the temperature increases,
the diffusion of molybdenum becomes more pro-
nounced relative to the diffusion of silicon because of
its higher diffusion activation energy, and therefore a
stronger temperature dependence of its diffusivity.
Similarly, niobium diffusion becomes more competitive
at high temperatures, which combined with the diffu-
sion of molybdenum leads to the formation of
(Nb,Mo),Si; at 1700 °C, as shown in Fig. 4. The limited
growth of the (Mo,Nb)Si, interphase at 1700°C is
probably due to the faster growth of (Mo,Nb)Si,
caused by the more pronounced diffusion of niobium
relative to silicon at high temperatures. It should be
noted that at 1400°C, growth of Nb,Si; depends
mainly on the transport of silicon through the
(Nb,Mo)Si, layer. However, at 1700 °C, as niobium dif-
fusion becomes more pronounced, the growth of
(Mo, Nb),Si, is enhanced not only in the direction of the
niobium-rich region but also in the direction of the
{Nb,Mo)Si, interphase. Thus, when the diffusion of
niobium becomes competitive with respect to the diffu-
sion of silicon, the growth of (Mo,Nb)Si, will be
enhanced and that of (Nb,Mo)Si, limited. In Section
3.2 where the hot pressing temperature is kept at
1400°C, some more evidence will be provided that
whenever diffusion of niobium becomes more com-
petitive with respect to the diffusion of silicon, the
growth of (Nb,Mo)Si, becomes limited.

Note that according to the conservation of mass,
much more (Mo,Nb),Si; should exist in the diffusion
couple. However, only a small amount of (Mo,NDb).Si,

has been observed, as shown in Fig. 2. This is believed
to be due to the presence of SiO, and free silicon in the
commercially pure MoSi, powder as shown in Fig. 2
and reported in refs. 18 and 19. The presence of SiO,
and free silicon shifts the actual composition of the
starting MoSi, powder to the MoSi,~-Si two-phase
field, instead of the single-phase MoSi, field. The pres-
ence of the extra silicon is also reflected in the com-
position profile. As shown in Fig. 2, Matano interfaces
of three elements are not at the same position, with the
silicon Matano interface far closer to the niobium-rich
side than that of molybdenum. However, the difference
in the position of the Matano interfaces becomes
smaller at 1700 °C, as shown in Fig. 4. The results sug-
gest that the presence of excess silicon and SiO, con-
tributes more to the diffusion process at lower
temperatures, whereas at high temperatures contribu-
tions from MoSi, and niobium became more
pronounced.

3.2. Effect of the coatings on the diffusion path

Comparison of interfacial mierostructures of MoSi,
with coated and uncoated niobium is shown in Fig. 6.
At 1700°C the thickness of the interaction layer
between niobium and MoSi, has been reduced from
approximately 30 um for the uncoated interface to
about 6 um for the ZrO, coated samples. In addition,
the composition of the interphase formed was deter-
mined to be Nb,Si;, instead of (Mo,Nb)Si; for the
uncoated samples, suggesting a substantial reduction in
the diffusion of niobium and molybdenum across the
coating. For 1400°C the thickness of the interaction
layer has also been reduced from approximately 30 um
to about 4 um upon coating of niobium foils with
Al,0;. Furthermore, only one interphase (Nb,Si;) was
observed, instead of the three interphases Nb,Si;,
(Nb,Mo)Si, and (Mo,Nb),Si, for the uncoated samples
(Fig. 2). The reduction in the thickness and change in
the composition of the interfacial compounds formed
at 1700 and 1400°C can again be attributed to the
retardation of silicon diffusion and the suppression of
niobium and molybdenum diffusion across the coat-
ings. Note that the suppression of niobium diffusion
across the coatings leads to the absence of interphase
formation in the MoSi, side of the oxide coating,
whereas suppression of molybdenum diffusion results.
in the formation of only the binary compound, instead
of the ternary compound, in the niobium side. In addi-
tion, retardation of silicon diffusion in the coated
samples favors the formation of niobium-rich com-
pounds, such as Nb,Si,, instead of NbSi.. _

The effectiveness of the coatings as o diffusion
barrier was found to be affected not only by the quality
and integrity of the coating itself, but also by the pres-
ence of SiO, and free silicon near the coating. A typical
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microstructure of MoSi, hot pressed with sol-gel-
coated niobium is shown in Fig. 7. As can be seen, the
coating is discontinuous. This is believed to be due to
the interaction of the coating with SiO, and free silicon

Fig. 6. Imerfacial microstructures of MoSi, ith (a) uncoated
niobium, hot pressed at 1700 °C, (b) AlLO -coated niobium, hot
pressed at 1400°C, (c) ZrO,-coated niobium, hot pressed at
1700°C.

[20]). This coating degradation can be eliminated by
improvements in the matrix chemistry. As has been
shown by Kaufman and coworkers [21, 22], one
promising approach is to convert SiO, and silicon into
SiC by mechanically mixing elemental molybdenum
and silicon powders with excess carbon. The formation
of SiC by this method not only eliminates the detri-
mental effect of SiO, and free silicon, but also provides
in situ compositing of MoSi, with SiC. Optimization of
this processing technique is currently under develop-
ment [22].

The extent of the retardation of silicon diffusion has
been found to depend also on the quality of the coat-
ings. For example, the appar=nt diffusivity of silicon in
the sol-gel derived Al,O; coating has been estimated to
be larger than 2.0 X 107% cm? s~ at 1400 °C [7]. Such
high diffusivity has been attributed to the grain bound-
ary diffusion and vapor phase diffusion through the
pinholes which are characteristic defects associated
with sol-gel processing. Therefore, in order to reduce
further the silicon diffusion, grain boundary area and
processing defects must be minimized in the coating.
Figure 8 shows a microstructure and the correspond-
ing composition profile of an MoSi, and sol-gel coated
niobium interface which is obtained via electrophoresis
with optimized processing parameters. As seen in the
figure, the thickness of the interphase has been reduced
from approximately 30 um to less than I um, com-
pared with the uncoated samples. The reaction product
in this case could not be determined because its thick-
ness was close to the beam size of the electron micro-
probe (approximately 1 um). Nevertheless, the result
indicates that if the coating is dense enough, the diffu-
sion of silicon can be effectively limited, and therefore
the interaction between niobium and MoSi, can be
prevented.

Fig. 7. A typical microstructure of MoSi,, hot pressed with sol-
gel-coated niobium.

]
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Fig. 8. Microstructure and composition profile across the inter-
face in MoSi,/sol-gel-coated niobium composite, hot pressed at
1400 °C.

3.3. Effect of the coatings on fractographic
characteristics of constrained ductile phases

The dependence of the fracture surface of niobium
on the coating conditions is shown in [ig. 9. These
fracture surfaces were taken from the same location
with respect to the tip of the chevron notch of the
laminated composites in order to eliminate the location
effect on the fracture surface of niobium foil. A close
examination of Fig. 9 shows that Al,O,-coated
niobium exhibits a total dimple rupture, while ZrQ,-
coated and uncoated niobium fracture with a mixed
mode. The differences in the fracture suirfaces are a
result of the difterence in the interfacial fracture energy
ol these mterfaces and the level of constraints ‘he
remnforcement. Here, the constramt as referrea a
phenomenon that when a ductde phase s imbedded in

@233..1700.80 UFMSE

Fig. 9. Fracture surfaces of constrained niobium foils in the
chevron notched specimens: (a) Al,O-coated niobium, (b
ZrO,-coated niobium. (c' uncoated niobium, hot pressed at
1400 °C.

a brttle matris, 1t can no longer deform freely, and
istead o wall detorm under the restriction of the
mattny A recent study 23 <hows that the onde coating
reduces the tracture energy of the MoSe Nbantertace
and the measared mrertacal acture energres are 13
Focand areater than 337 T ton the Z10) -coated.
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AlLO;-coated and uncoated interfaces respectively.
Moreover, the decohesion length at the matrix-rein-
forcement interface has been found to be inversely pro-
portional to the interfacial fracture energy, ie. the
ZrO,-coated interface exhibits the longest decohesion
length, followed by the Al,O;-coated and then the
uncoated interface [23]. The constraint from the matrix
on the deformation of niobium is related to the decohe-
sion length. The longer the decohesion length is, the
lower the constraint from the matrix. Thus, the
uncoated composites have a larger constraint from the
matrix on the ductile phase, indicated by a shorter
decohesion length [23]. The fracture surfaces shown in
Fig. 9(a) and (c) show that as the constraint increases,
the fracture mode niobium changes from dimple to
quasi-cleavage. Similar to the Al,0;-coated samples,
the ZrO,-coated Nb/MoSi, system also has weak
bonding at the interface. However, the fracture of
ZrO,-coated niobium does not strictly follow the con-
straint-fracture mode relation observed in the
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uncoated and Al,O,-coated systems. One possible
reason is the embrittlement of niobium by the intersti-
tial oxygen in the ZrO,-coated systems [23].

The fact that the fracture mode of the ductile phase
depends on the constraint condition can be further
illustrated by Fig. 10 which shows the fracture surfaces
of uncoated niobium foils at different locations in the
laminated composites. As seen in the figure, the frac-
ture mode of niobium foils has changed from cleavage
to dimple rupture as the location of the niobium foils
changes from near the tip of the notch to the bottom of
the notch. Between these two positions, a mixed mode
of fracture is observed. Owing to the change in stress
state during the bending test, a longer decohesion
length was observed to occur at the bottom of the
chevron notch than at the tip, which leads to a less con-
strained condition for the niobium foils at the bottom.
Therefore, the fracture mode of the ductile phase
changes from the total dimple to mixed mode, and even
to cleavage, whenever the constraint increases either by

Fig. 10. Fracture surfaces of uncoated niobium foils in a chevron notched speaimen, showing that the fracture mode of niobium foils

changes with position.
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changing the interfacial properties or by changing the
stress state. Thus, fractographic analysis can be used to
estimate the degree of constraint qualitatively.

3.4. Effect of the coatings on the mechanical behavior of
constrained ductile phases

The effects of the coatings on the stress—displace-
ment curves of the tensile test on precracked speci-
mens (see Fig. 1) is shown in Fig. 11. It has been shown
previously [10] that owing to the appropriate choice of
notch depth in the precracked specimens, the cracks
during tensile testing are initiated at the notch tips at
very low stress levels. Thus, the curves in Fig. 11 are
characteristic of the flow behavior of the constrained
ductile phase. As shown in the figure, the uncoated
niobium exhibits the highest peak stress, followed by
the Al,O;-coated and then the ZrO,-coated niobium.
In contrast, the ZrO,-coated niobium has the largest
work of rupture (the area under the curve). The
measured peak stress and work of rupture for 0.25 mm
thick niobium lamina are summarized in Table 2. The
decohesion length at the interface and the interfacial
fracture energy measured using chevron notched short

A A: uncoated
8: Al203 costed
3001
C: Zr02 coated
a 2804
g
. 2001
»
»
_!_ 1504
n
1004
§04
[}
0 0.42 0.84 1.26 1.68

Displacement, mm

Fig. 11. Effect of the coatings on the stress—displacement curves,
measured from precracked specimens with 0.5 mm thick
niobium lamina.

bars of laminated composites [23] are also presented in

able 2 to illustrate the relation between the constraint
condition and the mechanical characteristics. Also
included in Table 2 is the microhardness of niobium in
the precracked specimens, which shows the effect of
the processing conditions on the hardness of the
niobium foils.

Table 2 shows clearly that the degree of constraint
on the ductile phase decreases with decreasing fracture
energy of the interface, as indicated by the increase in
decohesion length. In addition, as the degree of con-
straint decreases, the peak stress also decreases, but the
work of rupture increases. These findings are consis-
tent with theoretical analyses of Sigl et al. [24], Evans
and McMeeking (25] and Ashby eral.[26].

Toughening of brittle materials by the bridging of
ductile phases can be estimated with the aid of the
following equation {24, 25}

u®

AG=V, [ ofu) du (8)

1]

where o(u) is the nominal stress carried by the con-
strained ductile reinforcement for a given crack open-
ing u, V; is the volume fraction of the reinforcement
and u * is the crack opening at the point when the
ductile reinforcement fails. The integral in eqn. (8)
corresponds to the area under the stress—-displacement
curve from the tensile test on a single constrained
ductile reinforcement. The steady-state toughness of
the composite K, can be related to the fracture energy
increase AG by the use of the Rice J-integral {27}, as
follows:

(1-v)KS (1= v )Ka
EI.’ Em

+AG {9)

where v, E and K are Poisson's ratio, the elastic modu-
lus and fracture toughness respectively. The subscripts

TABLE 2. Measured damage tolerance, steady-state toughness and other relevant parameters from the tensile tests and bend tests

Material Uncoated Nb Al,O,-coated Nb ZrO,~coated Nb
HV (kg/mm?) 131 134 131

Interfacial fracture energy* (J m~?) >337+14 16113 128%1.0
Decohesion length® (mm) 0.86+0.09 0.9410.23 1.31+061

Peak stress® (MPa) 350+ 15 340t 30 33015

Work of rupture® (Jm~?) 85400+ 7800 92400 £ 9500 103200 £ 7300
Steady-state toughness® (MPa m'/?) 88 92 97

Damage tolerance* (MPa m'/?) 152413 140£1.5 128415

Work of fracture® (J m~2) 21600 £ 3000 28700 £ 1900 28700 £ 4600

“From chevron notched short bars of laminated composites [23].

"From tensile tests on a single constrained niobium foil (0.25 mm thick).
<From bend tests on chevron notched composite laminates reinforced with 20 val % of ntobium laminae (0.25 mm thick).
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c and m refer to the composite and matrix respectively.
Using the experimental data from the tensile tests on
the precracked specimens, the fracture toughness of
the Nb/MoSi, system has been ¢ lculated using eqns.
(8) and (9) and the results are compared with the
measured fracture toughness presented in the next
section.

3.5. Effect of the coatings on the fracture toughness of
the laminated composites

Typical load-displacement curves of four-point
bending tests on the chevron notched specimens of
uncoated and coated niobium reinforced composites
are shown in Fig. 12. As can be seen, the maximum
load P,,, increases with increasing the degree of con-
straint, that is uncoated niobium-reinforced laminates
exhibit the highest maximum load. The maximum load
reached by the chevron notched specimen can be used
to calculate the fracture toughness with the aid of the
following equation [28]

Prax
B{w

where P,,, is the maximum test load, B and W are the
width and height of the bending bar respectively, and
Y* is the dimensionless stress intensity factor coeffi-
cient. The latter is a function of the geometry of the
specinien and bending test set-up. Substituting the
measured P,,, into eqn. (10), the calculated fracture
toughness is obtained and listed as damage tolerance in
Table 2. For comparison, the steady-state toughness
calculated from the work of rupture of a single con-
strained ductile phase is also listed in the table.

It is noted that a very large discrepancy exists
between the fracture toughnesses calculated from the
two aforementioned methods. The discrepancy is be-
lieved to be due to the fact that the fracture toughness

K= Y* (10)

120
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100 1 A: uncoated Nb reinforced
J B: ZrO2 coated Nb reinforced
804 C: A1203 ccated Nb reinforcad
a
T 60 .
e jos
401 /C
201
0+ ——r -
0 0.336 0.672 1.008 1.344
displacement, mm
Fig. 12 Typical Toad-displacement curves of bend tests on
chevron notched taminates reintorced with 20 vol % of coated
and uncoated niobium forls, hot pressed at 1400°C,

measured from the peak load of the bend test on the
chevron notched specimens is not a steady-state frac-
ture toughness, but merely an indicator of the damage
tolerance of the composites. The previous study has
shown (8] that a primary crack has aiready propagated
through the entire MoSi, matrix at a load level of about
20% of the peak load in the bend test. Beyond this
level, the load is mainly carried by the niobium
reinforc .ment alone. Therefore, to measure the actual
toughness using the bending test of chevron notched
specimens, a very large size specimen has to be used.
An alternative approach would be to reduce the size of
the ductile phase, which would in turn lead to a
decrease in the length of the bridging zone, making the
ductile phase more effective in preventing the crack
opening. Thus, the size of the crack will be much
smaller than that of the specimen dimensions. Under
these conditions, the damage tolerance measured from
the bend test on chevron notched specimens may
become a valid measurement of fracture toughness. In
contrast, the fracture toughness calculated from the
work of rupture is a steady-state fracture toughness.
Therefore, only with an appropriate combination of
sizes of test specimen and ductile reinforcement can the
two testing methods exhibit a similar result. Calculation
of the critical size of the ductile reinforcement for such
a situation is currently under development.

Figure 12 also reveals another salient feature for
ductile phase toughening, that is that the mechanical
behaviors of ZrO,- and Al,O;-coated systems are simi-
lar, and both show an increase in the carried load in the
last part of the displacement curves which is caused by
extensive delamination at the interface; this means that
the niobium can deform under a much less constrained
condition and much more niobium participates in
deformation. Because of this feature, the total energy
consumed to break a specimen (area under the curve)
for the coated composites is larger than for the
uncoated composites. To reflect this feature, the work
of fracture, defined as the total energy normalized with
respect to the generated crack area during the bend test
[29], is calculated and included in Table 2. Comparing
the values measured from these tests shows that the
damage tolerance and the peak stress have the same
trends as the interfacial fracture energy changes,
whereas the steady-state fracture toughness and the
work of fracture follow the opposite trend. These
results indicate that whether or not strong interfacial
bonding is conducive to improving the toughness
depends on the criterion used to describe the tough-
ness of the composite. If the damage tolerance
measured from chevron notched specimens is used as
an indicator of the toughness, strong bonding would be
desirable. However, it the wark of fracture andjor
steady-state toughness are used as indicative of s
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toughness, then a relatively weak bonding would be
preferable. :

4. Concluding remarks

The present set of experiments shows that niobium
interacts with MoSi, extensively at high temperatures
forming various interfacial compounds. The nature and
composition of the compounds are found to depend on
the processing temperature, and to depend on the dif-
fusion kinetics of silicon, niobium and molybdenum,
The oxide coatings (Al,O; and ZrO,) suppress the
interdiffusion of niobium and molybdenum, and limit
the diffusion of silicon, leading to the very limited inter-
action between niobium and MoSis.

It has been demonstrated that the degree of con-
straint on the ductile phase decreases with decreasing
fracture energy of the interface. Fractographic analysis
has been utilized to estimate the degree of constraint
on the ductile phases and provide an alternative to
analyzing the constraints when the stress states are
complicated.

Toughness analyses indicate that whether or not a
strong interfacial bonding is conducive to increasing
toughness depends on the criterion used to describe
the toughness of the composites. If the damage toler-
ance measured from chevron notched specimens is
used as an indicator of the toughness, strong bonding
would be desirable. However, if the work of fracture
measured from chevron notched specimens and/or
steady-state toughness measured from the tensile test
on a single constrained ductile phase are used as
indicative of the composite toughness, then a relatively
weak bonding is preferable.
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Reactive Synthesis of NbAI3 Matrix Composites
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ABSTRACT

NbA!3 mawix composites were synthesized “in-situ” via reactive hot compaction (RHC) of
elemental powders. It -vas found that the simultancous application of pressure during synthesis
was effective in attaining a near-theoretical density matrix at relatively low temperatures and
pressures. Using this technique, two types of composites were produced: (1) matrices containing
a uniform dispersion of second phase particles (either Nb3Al or Nb2Al with an Nb core or Nb2Al)
and (2) matrices reinforced with coated or uncoated ductile Nb filaments. It was found that a
limited amount of toughening is obtained using the first approach, while composites containing
coated Nb filaments exhibited a significant increase in the ambient temperature fracture toughness.
In this paper, various aspects of RHC processing of NbAI3 matrix composites, the effect of initial
sioichiometry and powder size on the microstructure, as well as the mechanical behavior of the
composites will be discussed.

INTRODUCTION

Traasition metal aluminides have lately been the focus of increased research activity due to their
potential for development as high temperature structural materials. In particular, NbAl3 possesses
2 desirable combination of relatively high melting point (1605°C) and low density (4.55 gem3)
(1]. However as with many other ordered intermetallics, NbAl3 (DO72) exhibits low toughness
and ductility at room temperature. For example, Raisson and Vignes {2] found that NbAI3 is
brittle up to 827°C under compression, while Shechtman and Jacobson concluded based on a
post-compression dislocation structure study that the material has an high APB energy with no
discernible separation of <110> superdislocations {3]. More recently Shneibel, Becker and
Horton (4] obtained room temperature mechanical property data for NbAl3 samples prepared by
hot pressing of pre-alloyed powder. They reporied & fracture toughness of 2.5 + 0.5 MPa-Vm, as
measured by a micro-indentation technique. This indicates that NbAI3 is an extremely brittle
material, with very limited inherent damage tolerance.

The poor mechanical properties of NbAI3 impose a severe limitation on its use in practical
applications. While some attempis have been made to improve its mechanical properties by micro
or macro alloying (5], the development of this intermetallic remains largely in the experimental
stage. We have focussed on the alternative approach of compositing to improve the ambient
temperature fracture toughness of NbAl3. In the present work, the composites were processed via
reactive hot compaction (hereafter RHC) because previous work on hot-pressing of pre-alloyed
NbAI3 powder indicated that it is difficult to reach full density even at significant fractions (0.89
and 0.95) of the absolute meliing point [4]. On the other hand, Paine et al. {6] reported that high
density samples could be obtained by combining reactive sintering with hot-pressing. Another
reason for using RHC was that it offered a unique route for producing the composites “in-situ.”
Two types of composites were produced: (1) with matrices comaining a uniform dispersion of
sécond phase particles (herealter Type 1) and (2) with matrices containing Nb filament
reinforcements which were either uncoated or coated with an alumina dilfusion barrier formed “in-
situ,” i.c. during synthesis of the matrix (hercafter Type ).

In this paper, the basic processing steps for RHC of NbAI3, reaction sequences, aml the effect of
initial stoichiometry and particle size on microstructure will be described. It will be shown that
Type | composites exhidit a limited improvement in the fracture toughness, while the Type 11
composites were significantly tougher than the unreinforced matrix.  Fracture surflace analysis
revealed that, in Type | compasites, the toughening was related 10 crack blunting and/or shiclding,
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while in Type 1l composites, an effective load transfer following partial interfacial decohesion
caused an increase in the toughness.

EXPERIMENTAL METHODS

For Type 1 composites, pure elemental powders of Nb and Al. and for Type Il composite., the
clemental powders together with reinforcement filaments, were mixed in a cylindrical blender for 1
hour. The average size of the Nb powder (obtained from two sources: Source A and Source B)
was < 45 um, while Al powders of two average sizes (11 and 6.2 um, source: Source A) were
used. The mixwres were cold compacted into a disk shape (38 nun dia., 8 mm thick) under a
pressure of 10 ksi, followed by hot pressing in a BN coated graphite die. The hot pressing was
carried out at 1350°C with a 1otal cycle time of ~145 minutes. A typical hot pressing cycle, shown
schematically in Figure 1, consisted of an initial heat-up period during which the sample was
heated from ambicnt temperature to 1350°C at a rate of 7(g'eé|lmin. under a pre-load of ~ 1 ksi.
After attainment of the final processing temperature (1350°C), the pressure was increased 1o 7 ksi;
these pressure-temperature conditions were maintained for 60 minutes, following which the sample
was cooled under pressure at a rate of ~ 20°C/min.
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Figure 1| RHC processing cycle (schematic). Figure 2 Differential thermal znalysis showing the

reaction sequence during NbAI3 synthesis.

Reaction sequence for the mawrix was determined using DTA. The composite microstructures were
characterized by quantitative measurements of the volume fractions and mean spacing of second
phase particles, electron microprobe compositional analysis, and scanning electron microscopy of
fracture surfaces. The quantitative measurements of microstructural features were carried out using
standard point counting and lincar intercept methods, and the compositional analyses were
performed with an estimated accuracy of + 1 8t.% using a JEOL JXA-733 microprobe and pure Nb
and Al as standards. The fracture toughness of the composites was measured either
semiquantitatively via the microhardness indentation technique or quantitatively via three point
bend testing of chevron notched samples. For the latter, the tests were performed on small
specimens (5x3x24 mm), with a 90° root angle Chevron noich  Fracture toughness values
(K|C's) were calculated on the basis of the stress intensity factor formula developed by Wu (7],
using the measured load-displacement curves. All tesis were perforined on an MTS-810 machine

at a crosshead speed of 10-% mm/s.

RESULTS AND DISCUSSION

Reactive_Synthesi

It is well known that many intcrmetallics with high heats of fornution (Allg) can be synthesized via
a solid-state reaction between the constituent clemental powders. PPrevious work [8] on NbAlj
(AH7 = -119 kJ/mol) indicated that the synthesis is self-propagating in character if 2 localized high
heat pulse is applied 1o the powder mass. Under these conditions, it was foumd that a sustained
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(self-propagating) synthesis reaction initiated at approximately 1000°C. Although a broad
discussion of the characteristics of self propagating synthesis (SPS) is beyond the scope of this
paper, it may be noted that SPS reactions require a low heat transfer coefficient of the powder
mass, leading to a high localization of the heat of formution at the reaction interface.

Although this method of synthesis is simple in principle, it has several disadvantages [9): the
reaction is difficult to control, and generally yields a porous swructure.  In addition, the high
temperatures generated at the product/reactant interface can lead 10 a loss of the low melting
componemt by vaporization.

By contrast, if the Nb + Al powder mass is heated relatively slowly (as during RHC of NbAI3),
the synthesis reaction is preceded by the melting of Al in the mixture. This is seen clearly by
differential thermal analysis (DTA), Figure 2, of a sample corresponding to the stoichiometry of
NbAI3. The data were obtained at a heating rate of 30°C/min. and show a variation of the sample
temperature versus the temperature differential between the sample and a pure alumina reference.
It can be seen that there is an endothermic peak associated with Al melting, followed by an
exothermic peak at around 980°C, associated with the synthesis reaction. It should be noted that
the reaction is relatively slow and lasts approximately 3 minutes, in shap contast 10 the bigh
reaction rates (on the order of meters/s) commonly observed in self propagating synthesis [9].

It is thus clear that when the synthesis resction is initiated, the released heat of formation is
dissipated due to rapid heat transfer in liquid Al. Consequently, the synthesis not by the
rapid propagation of a single “wave,” but relatively slowly at a large number of sites in the powder
mass. In addition, if extermnal pressure is applied prior to the formation of a rigid network, the
resulting sinter body is low in porosity. This is a key aspect of RHC. As shown schematically in
Figure 1, a pre- was maintained on the sample, which resulted in a continuous densification
duning Al melting as well as during NbAl3 formation. The pressure was further increased to 7 ksi
just past the synthesis reaction in order to additionally densify the sample, while ensuring that no
free liquid Al would be “squeczed out™ at the elevated pressure. The pressure on the sample was
maintained for 60 minutes at 1350° C to enhance the microstructural homogeneity and
densification. The microstructure of a sample processed under these conditions is shown in Fi‘;ure
3. Itcan be scen from this optical micrograph (polarized light illumination) that the sample is fully
dense (< 2 vol.% porosity) and with 2 uniform grain size.

Effect of Stoichiometry 1t was found that a dispersion of second- (or multi-) phase particies
could be produced in reactively synthesized samples, as shown in Figure 4. It can be seen in this
low magnification micrograph (secondary electron image) that the panticles are dispersed relatively
uniformly in the mamix.*

Figure 3 Microstructure of NbAI3 procdiuced by RHIC. Figure 4 NbAly matrix containing a
dispursion of sccond phase particles.

° This sampic also contained chopped FP alumima fibers. However, thar presence is of no consequence
for the purposes of present discussion
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Also, some of the particles contain a central “core,” as indicated by wrows on the micrograph. The
presence (or absence) of the central core is related to the powder particle size, as discussed below.

The volume fraction of the second phase di could be controlled by controlling the starting
stoichiometry of the powder mixture, as illustrated by Figures 5(a) (0 5(d). Figure 5(a) shows the
relevant portion of thz Al-Nb equilibrium phase diagram with three initial compositions indicated
by lines labelled b,c, and d. The corresponding microstructures exhibited an increase in the
volume fraction of Nb2Al (from 6.9 t0 27.7%) with increasing Nb content, as shown in Figures
5(b)-5(d), respectively. The measured volume fractions were less than those calculated on the
basis of the equilibrium lever rule, with the amount of deviation increasing with increasing Nb
content. 1t appears likely that the difference arises due to the presence of an Nb-rich core in some
of the particles, which also provides the basis for the observed increase in the volume fraction
deviation with increasing: Nb content. Compositional analysis of the samples indicated that the
matrix was close 1o the stoichiometry of NbAI3 (74 at.% Al), while the average composition of
particles without the core was 62 at.% Nb. Note that the lauter composition agrees well with the
low temperature equilibrium homogeneity limit of Nb2Al on the Al-rich side.

Figure S () Portion of Nb-Al disgram b c d

indicating the initial compositions of —— 42.2
microssmciure* i (uy (€), ~~4 (d). ] 1550 ©
(b)-(d) RHC processed NbAL3 mavix NoA, S50 °C
compasites containing dispersion of 1608 °C I

second phase particles.

E[]ect of Pamcle Sue As noted elrher, some of dispersed pamclcs in the marrix contrined
a central core. Compositional analysis of these particles indicated the core to be Nb-rich, as shown
in Flgures 6(a) and 6(b). Figure 6(a) is a compositional linescan across a panticle and anun: 6(b)
is the corresponding panticle microstructure. It can be seen that there is a good correspondence
between the compositional profile and the morphology of the particie: the aluminum content
remains relatively consum in the bulk of the panticle, shows a sharp decrease in the core region,

Figure 6 . f
(a) Compositional

lincscan along a

multiphase

particle in NbAl3
matrix.

{b) Corrcsponding
microstructural
morphology =
showing a contral
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and increases toward the periphery . This indicates a wransition from the minrix to the particle
corein the following order: NbAI3 =» Nb2Al (or Nb3Al) = (Nb). It was [uriher observed that
particles with the core were encountered more frequently in samples synthesized using the
Source A Nb powder than with those synthesized using the Source B powder, while the average
size of the Al powders had no discernible effect on the microstructure. A comparison of the two
powders is shown in Figures 7(a) and 7(b), respectively. From the micrographs, it is clear that the
Source A powder has a narrower size distribution and a larger mean size than the Source B
powder. Although no attempt was made to further characterize the size distributions of these
powders, it may assumed that they are log-normally distributed. based on literawre [10].
Schematic plots of the two size distributions are shown in Figure 8: a cut-off line representing a 10
wm size is also shown on the plot, based on the observation that particles snuller than ~ 10 um are
completely consumed during the reaction. It can be seen from Figure 8 that the fraction of panicles
greater than 10 um is farger for the Source A size distribution compared o the Source B
distribution. Consequently, the fraction of particles which are incompletely reacied would be
greater for the Source A powder. It must be noted however that the 10 pm cut-off is not absolute:
several other factors such as the local heat and mass transfer and the surface to volume ratio of the
particles will also affect the extent of the reaction. -

200 ‘10- C
Figure 7 (a) Microstructure of Nb powder from Source A (%) Microsuructure of Nb powder from Source B.

Based on the foregoing analysis, the RHC of NbALI3 is summarized in Figure 9. The figure shows
schematically the synthesis sequence and the effect of powder particle size. The sequence not only
illustrates the synthesis and densification of NbAI3, but also a key aspect of the use of RHC 10
form “in-situ” parnticle dispersed (Type I) composites: because of a random distribution of sites at
which the second- (or muiti-) phase particles are formed, uniformity of the dispersion is “built-in”
into the process. )
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Figure 8 Size distnibutions ol Source A Frguee 2 Synthwesis seguence fow
and Source B powders (schemix) RHC of NBAL Gehematic)




Fracture Touehness of Type | Composites
The fracture toughness was measured by two methods: (1) microhardness indentation and (2)
three-point bend testing of chevron noiched samples. In the microhardness indentation method,

crack lengths produced by a 1000 g load for 10 indents were averaged and converied 10 K|C
(MPa-V¥m) using the semi-theoretical relationship developed by Niihara et al. (1],

The average crack length was approximately related to the mean interparticle spacing, as sliown in
Figure 10. It can be seen that the average crack length decreases with decreasing mean interparticle
spacing ; funthermore, the average crack length should approach that of the monolithic matrix

ically at infinite mean interpanticle spacing (i.c. zero volume fraction of second phase), as
indicated by the dotted curve. One exception to the trend appears 10 be the sample labetled 4; the
reason for this deviation is not clear, but may be related to the very lasge interpasticle spacing (380
Hm) in the sample. Based on this analysis, the KIC of the matrix was found 10 be 2.5, which is
close to the value determined by three point bend testing of a chevron noiched sample (1.6
MPasVm). The KIC value for the sample with the smallest average crack length was 3.5 MPa=Vm,
indicating a limited toughening by the second phase dispersion.
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Analysis of the crack/particle interactions indicated that the mechanisms predominantly responsible
for the increased toughness were crack blunting or shielding, rather than crack bridging, indicating
an unfavorably soong matrix/particle bond. However, in a limited number of cases, crack
bridging and deflection were also observed at the core of some of the particles. The three types of
mechanisms are illustrated in Figures 11(a)-11(c), respectively. Some regions around the
NCE— L PR
e 4 .'

-

Figure 11 (a) Crack blunting by second phase particle,
(b) Crack shiclding by second phase particie, (c) Crack
bridging by the core of 3 muhi-phase particie,

(d) Coarse slip around s microhanincss indentation.




microhardness indents exhibited features resembling coarse slip, as shown in Figure 11(d). While
this is contradictory to the brittle nature of the matnix, it is possible that some plasiic deformation
may have taken place under the high and complex state of stress generated by the indentation.

Synthesis of Type 11.C .

It was shown in the preceding sections that NbAI3 matrix composites containing a dispersion of
sccond phase particles could be reactively synthesized with good microstuciural control.
Although these particles imparted a limited amount of toughening, the fracture toughness of the
composites was not adequate.* Consequently, ductile Nb filament reinforced composites were
produced in order to improve the ambient iemperature fracture toughness. For this purpose, a
method was developed to form a diffusion barrier coating on the Nb filaments “in-situ™ via an
unique coupling of filament pre-treatment with RHC of the matrix.$

Chopped Nb filaments (0.25 mm dia. X ~4 mm) with and without a pretreatment were blended
with the clementa) powders and processed as 'pet the procedure described for Type [ composites,
The deuwils of the pretreatment, coating formation mechanisms. the microstructural and
compositional chanacCteristics of the coating, etc. are outside the scope of this paper, and will be
given in a furure publication.

The microsucwres of two Type 11 composites (with uncoated and “in-situ” coated Nb filaments)
in the as-processed condition are shown in Figures 12(a) and 12(b), respectively. It can be seen
from the optical micrographs (polarized light illumination) that in the case of uncoated filaments
(12(a)), there is an extensive matrix/filament interaction leading to the formation of an intermenallic
layer and porosity at the interface, as well as filament degradation due to Al diffusion in the bulk,
By contras, these interactions are significantly reduced upon formation of a diffusion barrier
coating (12(b)). The microstructural appearance of the coating is shown at a higher magnification
in Figure 13. Note that the coating is dense, and relatively uniform in grain size. Long-term
annealing (100 hours at 1200° C) indicated thas the coating was extremely stable and provided an
excellent protection to the Nb filaments.

Figure 12 Microstructure of Nb filament reinforced NbAI3 matrix composites. (a) Uncoated
filaments, (b) Coated Nb filaments.

Eracture Toushness of Type Il Composites
Preliminary fracture toughness measurements of composites (chevron-noiched samples) containing
“is-situ” coated Nb filaments indicated a significant improvement over matrix. This is illustrated in

Figure 14 with the load-displacement curves for the monolithic matrix and a composite containing
20 vol.% of the reinforcement. It is clear that the composite is significantly stronger and wougher

* The main benefit of these particles may lic in their ability to strengthen the matrix at high
temperatures.
t Patent apulication pending




than the matrix. Also, the curve for the composite beyond the maximurn load is “stepwise,” which
suggests that the failure mechanism is seguemial. incorporating filsment necking and fracture. The
caleulated K| value for the composite (9.6 MPa»Vm) indicated an ~S00 & increase in the fracture
toughness compared to the monolithic matrix.

The general microstructural appearance of a fracture surface at the chevron notch is shdwn in
Figure 15(a) and at a higher magnification in Figure 15(b). {1 can be seen that there is a clear

1 o.ut (M15)

D sxacement (mm)

Figare 13 Microstrectural appearance of an “in-sit™ Figure 14 Three-point bend test load-displacement
costing on the sirface of an Nb filament curves for chevron noiched specimens of monolithic
magix and 20 vol.% NDb filament reinforced
composite.

evidence of filament pull-out and necking during fracture. There is also evidence of partial
decohesion at the filament/coating/matrix interfaces, as shown in Figure 15(c) (arrow). Thus, the

Figure 15 (a) General microsuructural
appearance of chevron nosch fraciure
surface, (b) Higher magnification
fracrograph of (a) showing (ilament
pull-out, (c) liustration of partial
imerfacial decohesion at the filament/
comting/matrix imerfaces (arow).
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increase in toughness appears 10 be related o a combination of mechanismis including (1) crack
bridging by the filaments with panial decohesion at the interface in the wake of the crack and (2)
effective matrix-1o-fitamwent load transfer leading 1o filamen: defonnation and necking. Note that for
the filament necking to take place, borh partial interfacial decohesion and effective load gansfer are
required. Therefore, it may be inferred that the filament/coating/matrix interfaces have optimum
characteristics for facilitating the operation of a variety of toughening/strengthening mechanisms.

SUMMARY AND CONCLUSIONS

(1) Near-theoretical density NbAl3 was obtained by reactive hot compaction (RHC) of elemental
powders at 1350° C under a pressure of 7 ksi. (2) It was shown that by controlling the initial
stoichiometry of the powder mixture prior to RHC, NbAl3 matrix composites containing a
dispersion of second- (or multi-) phase (either Nb3Al or Nb2Al with an Nb core or Nb2Al) could
be formed “in-situ.” A limited improvement in the fracture toughness was obtained via this route,
indicating a strong matrix/particle bond. (3) NbAI3 matrix composites reinforced with coated or
uncoated Nb filaments were processed via RHC. [t was shown that filaments without a diffusion
barrier coating degraded 1o an significant extent during processing, while filaments with an “in-
sitn” formed protective diffusion barrier coating minimized matrix/filament interactions. A
significant improvement in the fracture toughness of NbAI3 magix composites was observed upon
reinforcing with coated ductile Nb filaments. (4) The “in-situ™ coating appears to provide both:
an excellent and stable diffusion barrier and optimum propertics for the operation of various
toughening/strengthening mechanisms.
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Abstract

Recent results on the formation of an alumina (Al,O,) layer at the matrix-reinforcement interfaces in
reactively synthesized NbAl,-Nb composites are presented. The interfacial Al,O, layer was formed in
situ via a unique coupling of the surface pre-oxidation of niobium filament reinforcements and reactive
synthesis of the matrix from a mixture of the elemental constituents. Details of the processing method-
ology are presented together with the structural, morphological and compositionat characterization of
the compasites. The in site Al,Oy coating was found to be stable during long-term annealing and acted
as an effective barrier (o elemental interdiffusion. Composites with the in sinv interfucial coating were
found 1o be significantly tougher than the monolithic matrix; the various toughening mechanisms are
discussed with special emphasis on the role of the multilayered multiphase interfacial morphology.

1. Introduction

Transition metal aluminides are considered to
be potential candidate materials for high temper-
ature structural components in aerospace appli-
cations (1]. NbAl, in particular possesses a
desirable combination of low density (4.62 g
cm~3), relatively high melting temperature
(1605 °C) and adequate ambient temperature
elastic modulus and compressive strength (above
120 GPa and 520 MPa respectively). However, as
with many other ordered intermetallics, NbAl,
exhibits a low ambient temperature fracture
toughness and consequently a very limited damage
tolerance {2].

Artificially compositing such brittle intermetal-
lics with ductile refractory reinforcements shows
promise for overcoming this significant limitation.
However, for these artificial composites the rein-
forcements are, in general, embedded in the
matrix in a thermodynamically non-equilibrium
state. Conscquently, during high temperature
processing of the composites, matrix-reinforce-
ment interactions are commonly encountered. In
addition, the extent of such interactions is likely
to be enhanced upon exposing the composites to
high service temperatures. The  interactions,
which may result in the formation of other brittle
intermetallics, significant  interdiffusion of the

-~

elemental constituents or formation of local stress
raisers due to altered interface geometry, are in a
majority of the instances undesirable. For exam-
ple, the diffusion of an elemental species into a
ductile reinforcement can lead to one or more of
the following: a loss of strength, a lowering of the
fracture stress, or a change in the failure mecha-
nism from ductile to brittle. Additional damage
also can result if the reaction products lead to an
unfavorable interface strength or if the reaction
layers experience premature fracture [3).

It is clear that stable matrix-reinforcement
interfaces are critical to the integrity of a com-
posite. As noted earlier, inherent thermodynamic
stabilization is indeed rare in artificial com-
posites. Consequently, a kinetic stability is gener-
ally sought in the form of diffusion barrier
coatings at the interfaccs. Among several coating
materials, alumina (Al,O,) is known to be one of
the best for its microstructural stability, chemical
compatibility (especially with aluminide inter-
metallics) and low difllusivity at high tempera-
tures.

In this paper, a new technique is described by
which an alumina coating is formed in situ during,
the synthesis and consolidation of NbAI, matrix
composites. The approach is based on reactive
hot compaction {RHC), which combines reactive
synthesis of the mauix with hot pressing. RHC is
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well suited to the fabrication of intermetallics as
well as intermetallic matrix composites in general
and for transition metal aluminides in particular,
because of the formation of a low melting point
(typically aluminum-rich) transient liquid during
the process. The presence of sich a liquid not
only accelerates the diffusional mixing but also
aids in a rapid consolidation of the powder mass
[4]. In the present work, a new concept was
tested, namely to expand the scope of the forma-
tion reaction not only to include the synthesis of
the intermetallic matrix but also to form simul-
taneously an interface coating in situ via coupling
of a reinforcement pre-treatment with RHC.

2. Experimental methods

Fabrication of the composites was based on a
unique coupling of the reactive synthesis of the
matrix and an oxidation pre-treatment of the
reinforcement, as reflected in the fabrication
sequences described below.

2.1. Reinforcement pre-treatment

Chopped niobium filaments 250 xm in diam-
eter and S mm long were used as the reinforce-
ment. Prior to the oxidation pre-treatment, the
filaments were cleaned ultrasonically in acetone
followed by surface etching in a 1:2 mixture of
HF-HNO; solution and a final distilled water
rinse. The cleaned filaments were placed in a
quartz tube and oxidized at 500 °C in a stream of
pure oxygen flowing under a pressure slightly in
excess of one atmosphere for various lengths of
time ranging from 3 to 15 min. During oxidation,
the quartz tube was rotated to ensure a uniform
exposure of the filament surface.

2.2. Reactive hot compaction

The pre-treated niobium filaments were mixed
in a cylindrical blender with niobium and alumi-
num elemental powders, pre-mixed to yield a
near-NbAl, stoichiometry. The average size of
the niobium and aluminum powders was less than
45 pum and 20 um respectively. The mixtures
were cold compacted into a disk shape (38 mm in
diameter and 8 mm thick) under a pressure of 10
kibf in ", followed by hot pressing under vacuum
in a BN-lined graphite die. A previously opti-
mized hot-pressing schedule was followed as
shownin Fig. 1.

Temperature, Pressure

20 (1)
Time, min

Fig. 1. RHC processing cycle {schematic).

2.3. Characterization and testing

The characterization of microstructures and
interfaces of the composites was carried out using
optical and scanning electron microscopy,
electron probe microanalysis, transmission
electron microscopy of the interfaces, and phase
identification via X-ray diffraction (XRD) analy-
sis.

The composites were tested for thermal stabil-
ity via inert atmosphere annealing at 1200 °C for
100 h. The fracture toughness ot the composites
was measured by three-point bending tests
on chevron-notched specimens (3.3 mm x5 mm
x greater than 25 mm) with a test fixture span of
20 mm. The dimensions of the tested samples
were strictly in accordance with ASTM Srandard
392-87 (5], with a 90° root angle chevron notch
cut using 2 diamond wheel (blade 0.15 mm thick)
saw fitted with a special in-house built fixture. All
samples were tested on an MTS-810 at a cross-
head speed of 10~ mm s~ '; the toughness K|,
values were calculated on the basis of a modified
stress intensity factor formula developed by Wu
|6,. using the measured peak load on load-
displacement curves.

3. Results and discussion

3.1. Reactive hot compaction

Previous work (7] on the RHC processing of
NDbAI, indicated that sinter bodies close 1o full
density (less than 2 vol“ porosity) could be
synthesized using the reactive hot-pressing
schedule shown in Fig. 1. Because the detailed
analysis of NbAl, RHC has been presented in an
carlier publication [7], only a summary of the
salient features of the reaction sequences are
given here: the first dominant reaction during
heat-up is that of aluminum melting. resulting in




rapid spreading of liquid aluminum throughout
the powder mass. This is followed by the matnix
synthesis reaction (initiated at approximately
980 °C), accompanied by a sharp temperature
rise due to release of the heat of formation
(—119 kJ mol™') of NbAl,. Subsequent densifi-
cation via pressurization then yields a sample of
near-theoretical density, as shown in Fig. 2. In
addition, it was found that, by controlling the
initial stoichiometry of the Nb-Al powder mix-
ture and selecting an appropriate niobium
powder size, a uniform dispersion of Nb,Al parti-
cles in an NbAI, matrix can be obtained. Such
two-phase in situ composites are expected to
possess better high temperature mechanical
properties (owing to the higher melting tempera-
ture of Nb,Al), without sacrificing the ambient
mechanical properties. In fact, a slight increase in
ambient fracture toughness has been observed
previously [7].

The scope of RHC can be expanded to include
the fabrication of niobium-filament-toughened
NbAI; matrix composites with a diffusion barrier
coating at the matrix-reinforcement interfaces.
As discussed below, the synthesis reaction can be
extended not only for producing the NbAI,
matrix but also the simultaneous in situ formation
of an Al,O, layer at the Nb-NbAl; interfaces.
Conceptually, the strategy for forming the A1,0,
layer in situ was based on initially providing a
layer of niobium oxide on the surface of niobium
filament reinforcements via a pre-oxidation treat-
ment. Subsequent coupling with the reactive
synthesis and consolidation of the aluminide
matrix was utilized for the reactive conversion of
the niobium oxide into an Al,O; interfacial layer.

Fig. 2. NbAL, fabnicared by the RHC process (polanzed
hghtillumination)
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Thermodynamic data indicated that the niobium
oxide(s) could be reduced by aluminum to pro-
duce Al,O, during subsequent processing. This is
illustrated by a plot of the Gibbs energy of forma-
tion of Al,O; and the three possivle niobium
oxides (NbO, NbO, and Nb.O.) as a function of
temperature (Fig. 3), indicating that Al O; is
thermodynamically more stable than each oi the
thr=e niobium oxides at all temperatures.

3.2. Pre-oxidation and its coupling with reactive
hot compaction

The chopped niobium filaments (250 um in
diameter) were pre-oxidized at various tempera-
wres and lengths of time. It was found that at
temperatures above about 330 °C, a spontaneous
uncontrollable self-propagating oxidation reac-
tion occurred. Evidently. the high oxidation rate
and the high heats of formation of the niobium
oxides (ranging from — 406 to — 1990 kJ mol~!)
result in a rate of temperature rise which greatly
exceeds the rate of heat removal from the speci-
men under the experimental conditions em-
ployed. Consequently, setting the upper limit
of the trcatment temperature at 500 "C, the thick-
ening kinetics of the oxide laver were determuned
as described below. In addition, diffusion calcula-
tions indicated that, at 500 °C, the oxygen penz-
tration depth in niobium was limited to about 4
um if the treatment times were kept under 10
min, thus minimizing the potential embrittlement
of the niobium filaments.

The thickening kinetics of the oxide layer at
500 °C are shown in Fig. 4 with a plot of the
measured oxide layer thickness as a function of
the square root of oxidation time. The linearity of

+00000
—— o208
———e— NCE

120000 4 o
,. 140000
°
<
”
3 vnun/
£
® —e— a0
= 100000 4 //
-
<&
“ 200000 {

720000

240000 +— + —-

900 Lr00 100 A rae
Temperatane K

Fag. 30 The Gibbs tree-cncney data tor mobiam oxides and
AlLO,




Thickness (in microns)

T T T T
1.6 18 2 22 24

Timd 2(minuies /)

28 3 32

Fig. 4. Thickening ot niobium oxide layer at 773 K under an oxygen pressure of 14.7 Ibf in ™=,
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Fig. 5. Appearance of oxidized niobium filaments treated for various times: (a) 3 min; {b) 4 min: (¢) § min; (d) 6 min; (¢) 7 min;

(f) 9 min.

the data indicates a parabolic oxidation rate
during the short-term oxidation treatment and
that the rate is most probably controlled by
oxygen diffusion through the oxide layer.

The oxidized niobium filaments exhibited a
continuous color change from blue through gray
to white with increasing oxidation time, as shown
in Fig. 5 (which shows the color change as gray
shades), while XRD analysis of the oxidized fila-
ments (Fig. 6) indicated that the major oxide
formed on the niobium surface is Nb,Os. Neither

NbO nor NbO, were detected, in agreement with
data in the literature (10}, while according to the
relative peak intensities the amount of Nb,O;
increased with increasing treatment time. Conse-
quently, it may be concluded that the oxide layer
thickening is solely a result of additional Nb,O;
formation and is not due to the formation of other
oxides.

The morphology of the oxide scale was exam-
ined by scanning electron microscopy (SEM) of
epoxy-mounted and metallographically prepared




24 1 ,
N 4 J\ A J S A
(b) .'“.‘. 0.9 “».¢ "..e ”e [ K]
o l '
(C) .-‘.0.. 0.8 ”.0 " n.e we.a
(d) .:-o.o .0 0.0 ”w.e 0.0 100 0
(e) ..~..l 0. N | [N ] .0 100.0
‘4 ! &%
X IR
(X ) 0.0 .0 K] ”.. 108.0

Fig. 6. XRD panerns corresponding to the oxidized fila-
ments shown in Figs. 5(aj-5(e). The top and the bottom
patterns are the patterns given in refs. 8 and 9 for niobium
and Nb,O, respectively.

————
[AFIeR] JECSITR 11 A

0003

18

oxidized filaments. Micrographs of niobium fila-
ments oxidized for 3 min, 4 min. 3 min, 6 min,
7 min and 9 min are shown in Figs. 7(a). 7(b), 7(c),
7(d), 7(e) and 7(f) respectively. The common
feature of the Nb,Ojy layer is a porous structure,
as shown in the higher magnification micrograph
in Fig. 8; the amount of porosity was found to
vary from 30 to 50%, depending on the thickness
of the oxide layer. In addition, significant radial
cracking developed when the thickness of the
oxide layer exceeded 20 um; this is believed to be
due to a drastic volume expansion caused by
density change from 8.4 g cm~* for niobium to
4.7 g ecm™? for Nb,O,. Continued thickening
beyond 7 min resulted in a non-uniform oxide
layer because of spalling, as shown in Fig. 7(f).
Table 1 gives a summary of oxide layer thickness,
color of the oxide film, and its stability on cooling
with respect to cracking and spalling as func-
tions of the oxidation time. On the basis of these
observations, the upper time limit for the oxida-
tion treatment was restricted to 7 min.

The pre-oxidized niobium filaments were
mixed with niobium and aluminum element pow-
ders mixed in the desired stoichiometry and
reactively hot pressed using the schedule

100.0U UFK
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Fig 7 SEM ancrographs of oxidized miobiom filimenis cotresponding o the molium filaments shown i Fig 8
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Fig. 8. Microstructure of the Nb,Oy scale on a typical oxi-
dized niobium filament.

TABLE 1

Summary of niobium oxidation time series at 500 °C under
14.7 Ibf in ~? oxygen pressure

Oxidation Average Surface Layer
time oxide color stability
(min) thickness

{umi}
30 5.30 Dark blue Stable
35 8.85 Light blue Stable
40 10.20 Dark gray Stable
45 11.20 Dark gray Stable
50 13.55 Light gray Stable
6.0 15.38 Light gray Cracks
1.0 18.0 Light gray Cracks
9.0 22.83 White Spalling

described earlier. Differential thermal analysis
and microstructural analysis of samples at various
stages in the reaction sequence (11) indicate that
the interfacial Al,O, formation is triggered by the
temperature rise which accompanies the matrix
synthesis reaction. The interfacial microstructural
morphology presented below revealed that the
Al, O, layer is surrounded by a layer of Nb,Al o)
on the matrix side. This also suggests that the
bulk of Al,O, formation occurs via a solid state
reaction with the matrix (i.e. in the post-matrix-
synthesis stage), leading to an aluminum-poor
region immediately adjacent to the interface. It
should be noted that, althongh a similar local
compositional change would be encountered
during Al,O, formation via reaction with liquid
aluminum, rapid mass transport in the liquid
would tend to level the compositional gradients,

Oxidized NO costed No
tilament tilsment

Temperature, Pressure
..
el
ol
s

Time. min

Fig. 9. Synthesis sequence for RHC of an Nb-NbAI,
composite (schematic).

The various reactions. thei: sequence and the
related sequence of microstructural development
of an RHC processed composite are shown
schematically in Fig. 9 together with their loca-
tion in relation to the processing cycle used.

It was found that the thickness of the subse-
quently formed Al,O; layer was linearly related
to the original thickness of the Nb,O; layer, as
illustrated in Fig. 10. The plot indicates a signifi-
cant reduction in the thickness after reactive hot
pressing, even though Al,O, has a lower density
than Nb,O; (3.97 g cm~* for Al,O; compared
with 447 g cm~?® for Nb,O;). Linear least-
squares regression analysis of the experimental
data (R?=0.98) gave the following relation:

g0, = 5.07 + 2.53 .0,

One of the reasons for the observed thickness
reduction is believed to be due to the 30-50%
porosity in the initial Nb,O, layer. In addition, it
is likely that the higher temperature encount._red
during RHC (compared with that for the pre-
oxidation treatment) may decrease the amount of
Nb,O; because of the increased oxygen solubility
in niobium.

3.3. Microstructure of the composites

The microstructures of RHC-processed
NbAI;-Nb composites reinforced with bare
(uncoated) and Al,O,-coated niobium filaments
are shown in Figs. 1 1{a) and 11{b) respectively. It
can be seen that, in the absence of an interfacial
coating, there is an extensive matrix-filament
interaction in the form of intermetallic formation
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Fig. 10. Thickness relation between the initial Nb,Oy scale and the alumina layer formed in situ.

as well as the penetration of aluminum (with char-
acteristics similar to grain boundary embrittle-
ment) into the niobium filaments. By contrast,
these interactions were significantly reduced
upon formation of the AL, O, layer at the interface
(Fig. 11(b)). These uncoated and coated compo-
sites wer further annealed at 1200 °C for 100 h.
The microstructure of the two types of niobium
filaments after annealing are shown in Figs. 12(a)
and 12(b) respectively. It is clear that the inter-
facial reaction zone has thickened for the
uncoated reinforcements. In addition, it was
found that the microhardness of the reinforce-
ment increased sharply towards the periphery for
the uncoated filaments, which is clearly an un-
desirable situation. Furthermore, the interfacial
layer continued iG thicken with further annealing,
ieading to an unstable composite microstructure.
By contrast, the microhardness across the coated
filament was approximately constant. This is
corroborated independently by compositional
line scans across the coated reinforcement-
matrix interfaces in the pre-annealed and post-
annealed (1200°C for 100 h) conditions (Figs.
13(a) and 13(b) respectively). It can be seen that
after the annealing treatment there is only a
limited amount of aluminu: diffusion in the fila-
ments coated in situ.

The above line scans and the interfacial micro-
structural morphology (Fig. 14) also reveal that a

multilayer structure is formed at the interfacial
region, with a sequence of NbAl, = Nb,Al -~ Al,O,
- Nb, upon traversing from the matrix to the
reinforcement side. Also, it is noted that the
aluminum profile in the Al,O, layer decays to-
wards the niobium side of the Nb~Al, O, inter-
face in both samples, suggesting that the
aluminum diffusion could be one of the rate-
controlling steps in the Al,O; formation process.
Furthermore, it should be noted that there is a
slight increase in the niobium content of the
Al,O; scale toward the niobium filament side,
indicating that the Al,O, formation sequence
must also be controlled by a niobium rejection
and transport mechanism.

Transmission electron microscopy (TEM)
analysis of the interfacial regions [12] also sup-
ported this morphological sequence, as shown by
the bright field micrograph in Fig. 15(a). The
analysis indicated that the Al.Q, was present in
the stable a modification, while niobium precipi-
tates were detected in the Al.O, layer toward the
riobium filament side of the interface (Fig. 15(b)),
supporting the compositional analysis. The pres-
ence of niobium particles predominantly near the
niobium side and their near-absence toward the
matrix side reveal an interesting aspect of the
ALLO, formation reaction: it appears that the
ntobium released during Nb,Q reduction by
aluminum according to the reaction 3Nb, O+




Fig. 11. Microstructures of niobium-filament-reinforced
NbAl; composites (as processed s (a) uncoated filaments; (b)
filaments coated in situ.

10Al=5A1,0,+6Nb mayv be accommodated
by the unreacted Nb,O; ahead of the ALLO,-
Nb,Os interface. Subsequently, the continued
transformation of Nb.O; to Al,O; may lead to
the observed precipitation of niobium. The inter-
face morphology is summarized schematically in
Fig. 15(c). '

It was cntical tor the success of the in situ
alumina coating technique that the niobium rein-
forcements themselves do not degrade because of
the pre-oxidation treatment, since it is well
known that intersntaf clements such as oxygen
can signthcantly embnittde niolnum. The Vickers
microhardness of the pre-oxidized mobium fila-
merts embedded m the matnix was measured as a
function of the pre ovdation nme [t was tound
that the Vickers nicrohardness tanved from o
mmimum ol SOHN tor b o of ovidanon treat-
menty to o mantmum of SO0 HN for 9 nmin of

Fig. 12. Microstructures of mobium Hilaments embedded 1n
an NbAI, matnx after long-term anncahng: 2l uncoated fila-
ment, {(b) filament coated i siti

oxidation treatment). On comparison of these
values with the data of other investigators [13](60
HV for pure niobium to a maximum of 325 HV
for niobium containing V.33 wt% OV, it is clear
that the maximum oxygen content in the pre-
oxidized niobium filaments mav not exceed 0.35
wt.%. This is important. <ince Stoop and Shani-
nian {13] found that below 1135 wi %, the ductility
of niobium was not decraded and all other
mechanical properties were <hehtly improved at
both ambient and elevated temperature owing to
the dynamic-strain-aging cticcrs 4

S Fractire towglieess

The fracture touchneso b the matns and
mobiwm hlament-remtorncod COmposites was
measured viacthree pomes oeadine teas on chey

ton-notched speamens T esss indicated o
significant morease e A pon remtoramye wath
the mobmm tlamentc oo bahe AT O o an
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Fig. 13. Compositional profiles across the Al,O, layer
formed in sitie: (a) as processed; (b) annealed.

Fig. 14. Microstructure of the interface showing a multilayer
structure,
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Fig. 15. The Al,O, interfacial region formed in sine: (a)
bright fietd TEM image, showing a dense fine-grained Al,O,
layer; (b) high magnification TEM micrograph, showing an
AlLO, layer containing a fine dispersion of niobium particles;
(c) schematic illustration of the interface structure.

as illustrated by the load-displacement curves for
the unreinforced matrix and a composite contain-
ing 20 vol.% Nb filaments {Fig. 16). The unrein-
forced matrix showed typical catastrophic brittle
failure after the peak load, implying an insignifi-
cant damage tolerance. By contrast, the compo-
site shows an initial linear ¢lastic region. followed
by a non-lincar load increase with some hine
perturbations caused most probably by micro-
crack generatton in the matrix up to the maximum
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Fig. 16. Load-displacement curves of three-point bending tests with chevron-notched toughened composite specimens consist-

ing of a monolithic matrix and 20 vol.% Nb (Al,0, coated).

load, followed by a continuous and stepwise load
decrease. It should be noted that both the higher
fracture toughness and the higher damage toler-
ance of the composite arise because of an effec-
tive load transfer to the reinforcing phase.
Observation of the fracture surface of the
tested samples provides an insight into the
characteristics of the load-displacement curves.
Figure 17(a) shows the general appearance of the
fracture surface at a low magnification of an
NbAl, composite reinforced with niobium fila-
ments coated with Al,O; in situ. The figure
clearly demonstrates a significant degree of bridg-
ing by the niobium reinforcements. Furthermore,
the fracture surface topography suggests that
crack deflection occurred when the cracks inter-
sected the niobium filaments. The niobium fila-
ment reinforcements failed typically in a highly
ductile manner as shown in Fig. 17(b). Several
obse. vations may be illustrated from this micro-
graph; the filament fracture is a “knife edge”,
indicating extremely ductile behavior, while there
is clear evidence of partial circumferential
decohesion at the interface. A closer look at the
interfaces on the fracture surfaces indicated that
the decohesion occurs first on that side of the
filament first encountered by the crack front and

subsequently on the other side, contributing to
the knife-edge nature of the niobium filament
fracture.

From physical considerations. it is apparent that
a certain amount of ductility of the reinforcement
is needed for any significant improvement in the
toughness of brittle matrix composites. It has also
been recognized that ductility of the reinforcing
phase alone is not sufficient for achieving a sig-
nificant improvement in the fracture toughness;
equally as important is the matrix-reinforcement
interfacial strength. For example. if the interface
is very strong, a high degree of geometrical con-
straint can lead to a triaxial state of stress, result-
ing in a brittle failure of the ductile reinforcement
(15]. Consequently, there would not be a signifi-
cant increase in the composite toughness under
these circumstances. On the contrary, for a very
low reinforcement-matrix interface strength, the
reinforcement would readily debond and there
would be no crack surface bridging action, again
resulting in a limited improvement in the tough-
ness.

On the contrary, a significant improvement in
the fracture toughness would be expected if a
partial interfacial debonding (dcecohesion) can
remove the geometrical constraints and allow the



Fig. 17. Fractographs of Nb-NbAl, composite coated in
situ: (a) general fracture surface: (b) fractured niobium fila-
ment showing knife-edge failure and partial interfacial
bonding.

reinforcement 10 neck, while the remaining inter-
face area in contact with the matrix (because of a
combination of the interface bonding strength
and mechanical interlock) allows an effective load
transfer to the reinforcement.

The niobium filament-matrix interface in the
present instance clearly shows evidence of partial
decohesion along the fracture surface with asso-
ciated filament necking and ductile fracture. This
suggests that the interface of the composite tabri-
cated by this processing technigue  possesses
opumal intertace properties. Since the interfacial
regions  exhibited o muluphase  mululavered
morphelogy, 1t was important to determine the
exact location within the Linvers: of mterfacial
decoheston, A closer fook at the imterface via
SEM and encrgy dispersive spectioscopy (EDS
analvses of the fracture surtace resealed that the
mterface between the NbeAlL oo faver and the
ALOY tormed oo had the weakest bond. [ his
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Fig. 19. EDS spectra of the areas shown in Fig. 18(A).

fied view of the area labeled c in Fig. 18(A). A
series of EDS spectra is given in Fig. 19 (labeled
a-c¢ corresponding to a-e in Fig. 18(A)): a is the
filament knife-edge, b is the niobium filament
surface, ¢ is the Al,O, coating layer formed in
situ, d is partially debonded matrix surface and ¢
is the NbAl, matrix. The EDS analysis was car-
ricd out by directly focusing the electron beam on

these individual areas. It is clear that the spectra
for a and b correspond to the niobium filament
with a surface morphology shown in Fig. 18(B).
while the spectrum for ¢ corresponds to the
A1,O, coating layer formed in sine with the
morphology shown in Fig. 18(C); the spectra for
d and ¢ correspond to Nb,Al iand NbAI; (matrix)
respectively. These observations clearly indicate




that the partial interfacial decohesion is initiated
at the Al,O,-Nb,Al interface. In addition, during
necking of the niobium filaments. decohesion at
the Nb-Al, O, interface was observed. However,
the Nb,Al-NbALl, interface did not exhibit any
decohesion, implying a strong interfacial bond, as
supported independently by our previous work
on Nb,Al-NbAl, composites | 7.

4. Summary and conclusions

With the unique coupling of RHC process with
pre-oxidation treatment of the niobium filament
reinforcements, Nb-NbAl; composites were
obtained with an Al,O, layer formed in situ at
reinforcement-matrix interfaces during the syn-
thesis and consolidation of the composites. Post-
annealing microstructural analysis indicated that
the Al,O, layer formed in situ acts as an effective
diffusion barrier, while the uncoated niobium fila-
ments degraded to a significant extent. The frac-
ture roughness of the composites showed a
significant improvement over that of the unrein-
forced matrix. Fracture surface analysis suggested
that a partial debonding (decohesion) occurs at
the Al,O;-matrix interface during crack propaga-
tion. Thus the in siru coating appears to provide
both an excellent and stable diffusion barrier and
optimum properties for the operation of various
toughening and strengthening mechanisms.
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MoSi, Matrix Composites

Principal Investigator: M.J. Kaufman

Objectives

A novel processing method utilizing the combination of mechanical alloying, carbothermal
reductions, and carbon additions was developed in the preceding year to synthesize silica-
free MoSi, and MoSi,/SiC composites [1-3]. The studies during the past year have been
directed toward meeting the following objectives:

0))

@

(€))

@

Optimization of the processing sequence for various compositions corresponding to
increasing volume fractions of silicon carbide in MoSi, and determination of the
maximum SiC loading possible.

Characterizing the phase evolution sequences for the various compositions as a
function of alloying time and consolidation temperature; in particular for differences
associated with increasing carbon content.

Extension of the processing rationale to potential alloy silicide systems such as
(MO9W)Si2‘

Mechanical Property Characterization.

Research Summary

0))

Process Optimization:

Using the processing strategy outlined in [2], MoSi,/Sic composites with varying SiC
contents have been processed. Thus far, silica-free composites with silicon carbide
loadings of up to 60 v/o, and with a minimal amount of the Nowotny (third) phase
have been successfully fabricated. Furthermore, near theoretical densification has
been achieved in these composites, with the open porosity being limited to 1% or
less. The SiC reinforcement size in all the above composites is typically of the order
of 1 pym.

In view of the tendency of the silicide to dissociate at elevated temperatures and
under low total pressures, considerable modifications were made to the processing
method, as outlined in references [8] and [9].
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Characterization of the phase evolution sequences:

A combination of DTA/TGA and x-ray diffraction techniques have been utilized to
study the phase evolution sequences during mechanical alloying and during
consolidation.  Significant differences have been noted in the microstructural
evolution sequence with changes in the nominal powder composition. For instance,
while intermetallic formation during mechanical alloying is predominant for the lower
carbon content alloys, the high carbon alloys evolve by initially forming carbides
(such as molybdenum and silicon carbide) during mechanical alloying. These in turn
lead to significant differences in the phase evolution sequence during powder
consolidation. These finding will be elaborated in [5].

Extension of the processing rationale to other silicide systems:

The extension of the processing scheme to process alloy silicide/silicon carbide
composites has also been attempted. Thus far, we have looked at forming in-situ
composites for the (Mo,W)Si,/SiC system, with W substituting for Mo in the
disilicide. Further improvements in the high temperature strength are anticipated
in this system due to the synergistic effects of solid solution strengthening and
dispersion strengthening. Thus far, silica-free (Mo, W)Si,/SiC composites with 20 v/o
SiC, containing 25 and 50 mole percent of WSi, in the matrix have been synthesized
successfully. The mechanical alloying approach makes it possible to very to alloying
levels (in the matrix) and the SiC content (in the composite) independently. Details
of the processing of these composites are found in [7]. The higher density of WSj,
necessitates such property improvements to be considered on a density-compensated
basis.

Mechanical property Characterization:

Finally, efforts are underway to evaluate the elevated temperature properties of the
silica-free MoSi,/SiC composites and compare them with composites processed by
conventional blend and consolidate techniques. It is anticipated that the absence of
the grain boundary silica and the presence of micron sized SiC will lead to improved
elevated temperature strengthening due to increased resistance to grain boundary
sliding and potential dispersion strengthening effects [6].
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Introduction

Intermeuallics have been the focus of recent interest in the development of high temperature structural
materials. MoSi is one of the promising candidate materials for such applications due 1 its exCelient oxidation
resistance, low density, and high electrical and thermal conductivity. However, it is plagued by low room
temnperature fracture toughness and elevated temperature streagth, in addition to intermediste temperature pesting
behavior (1]. While powder processing appears 1o be the preferred route to the fabrication of MoSiz [2-8), it
results in the incorporation of substantial amounts of an amorphous silica phase [1] upon consolidation. The
presence of these amorphous silica particles is thought to be detrimental to the mechanical properties, as they can
serve as potential crack nucleation sites that ultimately degrade the room temperature strength and toughness. The
clevated temperature properties are also degraded by the silica due to its softening characteristics at temperatures
above 1473K. It has also been shown [9] that the Presence of both silica and free silicon degrades the protective
diffusion barrier coatings on ductile fiber reinforced MoSi; composites.

A survey of the available literature indicates that litte cffort has gone into understanding and controlling the
silica phase. Maxwell (6] studied the effect of varying amounts of carbon additions to the starting MoSiz powder
and reported improved flexural creep properties and decreased high temperature plasticity as a result of these
additions. More recently, Maloy et al. (10] have also reported on the beneficial effects of carbon additions on the
elevated *>mperature fracture toughness of MoSi;. The beneficial effects of the carbon additions were attributed
to the deoxidation of the silicon and molybdenum oxides while hot-pressing.

The present study aims at improving the MoSis matrix by the selective elimination of the silica phase via its
conversion into silicon carbide, which has excellent high temperature stability. This study takes advantage of the

carbothenmal reduction reaction for converting silica to silicon carbide [6,11-13] in order to control the
microstructure of MoSi.

Experimental

Elemental powders of commercial purity molybdenum (purity 99.9%, 2-4 pm) and silicon (purity 98%, -<44
im) were obuined from Cerac and blended in stoichiometric proportions corresponding to MoSis. About 4 wt. %
of carbon was also added to the mixture. The mixture was subjected to mechanical attrition in a high cnergy
Szegvari awrition mill for 60 h using 3 mm diameter Kardened steel balls with a ball to powder weight ratio of
approximately 5:1. To minimize contamination from Oxy gen, & continuous flow of gettered high purity argon was
maintsined in the attritor. A second batch of mechanically attrited MoSiz (MA MoSiz) with no carbon additions
was prepared for purposes of comparison. Consolidation of the mechanically attrited powde : was carried out by
vacuum hot pressing in inductively heated graphite dies at a pressure of 35 MPa for 1 h. The consolidation
lemperatures were 1873K and 1723K respectively for the MA MoSi2 powders with and without carbon additio.is.
The progress of the mechanical attrition and consolidation processes was followed by x-ray diffractometry
(XRD). A Philips ADP 3720 diffractometer operated at 40 kV and 20 mA with Cu Ka radiation and digital data
acquisition over 20 angles of 5°-100° was used in this study.
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Z phase) and cither MosSi3 or CMosSi3 (high Z phase). It is also apparent that the MpgSi; and/or CMosSi3
regions tend to adjoin the dark regions thereby suggesting that the origin of these phases is probably due to local
deviations from stoichiometry resulting from cither SiO; or SiC formation.

TEM analysis of the C-modified material revealed a homogeneous microstructure with uniformly distributed
second phases such as those marked A and B in Fig 4. The average grain size of the MoSi2 was between 3 and §
pm, much larger than that of the material without carbon additions, presumably because of the higher
consolidation temperatures. EDS microanalysis (with Be window) of region A showed the presence of silicon
alone, indicating that these regions correspond to the dark (low Z) regions such as those shown in Fig. 3. Selected
area diffraction patterns (SADPs) were obtained along the major zone axes from these and other silicon rich
regions (Fig. 4) and were consistently indexed to a cubic B-SiC structure with a lattice parameter (a= 0.4359 nm)
essentially identical to that determined by x-ray diffraction (described below). The SiC was present in the form of
1 um-sized particles located predominantly along grain boundaries and at triple point regions. Furthermore, the
SiC particles were easily distinguishable based on the internal twinning observed. Based on the juxtaposition of
the SiC particles, it appears that the silica that had spheroidized at the grain boundary and triple point regions had
subsequently transformed to SiC. In addition to B-SiC, both MosSi3 and CMosSiy were observed (region B),
consistent with the findings by Cotton et al. [2], who pointed out the possible role of carbon in the evolution of
second phases. Since silica formation displaces the matrix composition away from MoSi2 towards MosSi3, it
results in the formation of these higher molybdenum phases. The grain boundaries also appeared to be free of any
silica (Fig. 5) although a small amount was occasionally observed within the grains.
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Figure 3. Backscattered electron image of the hot-
pressed carbon-modified MA MoSis.

XRD of the carbon-modified material (Fig. 6) also
confirmed the results of the TEM analysis. The resulis
of the peak positions, intensities, indices, and d
spacings of the various reflections are summarized in
Table 1. All the reflections could bc ascribed to
tetragonal MoSiz and cubic B-silicon carbide. No
reflections corresponding to MosSi3 or CMosSi3 were

seen, which is not surprising since they were present .
in insufficient volume fractions. - 1 B.=(10T0} CMo;Si B = [011] B-SiC

A brief loov at the Mo-Si-C-O system reveals the . . .
presence of a number of phases, MoSiz, MosSi3,  [8ure4 Bsirgg: g? g‘esf:CT::lCﬁ:Adom MoSiz and

CMosSi3, MoO3, MoaC, SiO, SiO2, SiC, CO, COz,
etc. Based on the free energy data of these compournds,
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The transformation characteristics of the powders were also monitored by differential thermal analysis (DTA)
and thermogravimetric analysis (TGA). DTA/TGA was performed on a Netzsch STA-4(09 system with heating
rates of 10 K per minute under flowing argon (1cm3/sec).

Optical, scanning and transmission electron microscopy were performed on the consolidated samples. Thin
foil TEM specimens were prepared from bulk samples following standard procedures of dimpling and ion-milling
using Ar* ions at 4.5 kV. Final thinning was done at 2.5 kV at an angle of 13° for 30 minutes. Microstructural
characterization was carried out in a JEOL 200CX analytical transmission electron microscope operated at 200
keV. Elemental identification of the phases was acheived with the aid of an energy dispersive spectrometer
attachment and appropriate data analysis facilities.

Results and Discussion

The results of the XRD analysis of the mechanically attrited powders indicated that these submicron-sized
powders consisted of molybdenum and tetragonal MoSiz, with apparent traces of the hexagonal MoSi phase.

The microstructures of the hot pressed MoSiz specimens without carbon additions are shown in Fig. 1. A
uniform distribution of second phase particles with volume fractions in the range 0.15-0.2C were present in the
MoSiz matrix. TEM/EDS analysis of these samples (Fig. 2) revealed the presence of submicron-sized grains of
MoSiz and second phase particles which were amorphous and silicon-rich, indicating the presence of the glassy
silica phase. In addition, there were considerable amounts of very fine (10 nm) dispersoids typically within the
MoSi3 grains and occasional grains of the MosSi3 phase.

Figufe 1. Scanning electron micrograph (SEM)
showing the microstructure of hot-pressed MA MoSia.

Fig. 3 shows a backscattered electron image of the
specimen derived from the carbon-modified MA
MaSij powder. A dramatic improvement in the overall
homogeneity and cleanliness of the microstructure is
apparent when compared with the MA MoSi2
compacts without carbon. Using EDS, the dark areas
in the Fig. 3 were confirmed to be silicon rich, while
the and bright areas were observed ta contain . L .
molyg;edyenum andgsilicon in approximate ratios 1:2 and  Figure 2. Bright ficld transmission electron micrograph
5:3 respectively, thus indicating the presence of cither ~ (BFTEM) and SADP of silica particles in hot-pressed

Si0; or SiC (low Z phase), MoSi3 (intermediate MA MoSiz.
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The overall reaction is thus

Summary of X-ray Diffraction Results

Intensity] limax] d (nm)
(cps)

q

22872 1340 27.26( 3.8850
30.325| 1391 28.31] 2.9451
35922| 408 8.30] 2.4979
X 1832 37.28] 2.2549
41.675 46 0.94| 2.1655
44.893| 4914 | 100.00] 2.0175
46.445] 942 19.18} 1.9536
57.648| 625 1272} 1.5977
60.268] 193 393} 1.534
10 {62.755| 381 11.82] 1.4794
11 | 66391 762 15.50| 1.4070
12 | 68.485 14 0.28| 1.3689
13 | 72.288] 467 9.49} 1.3060

14 [75.693]| 1482 30.16| 1.2555
15 175911 900 18.31| 1.2533
16 1768331 172 3.49] 1.2397
17 |} 857431 1082 22,03} 1.1322
18 | 86.051| 666 13.55¢ 1.1317
19 190.108] 108 2.20] 1.0883
20 193431 462 9.41] 1.0582
21 193.808| 246 5.02] 1.0575
22 | 98.961| 841 17.11{ 1.0133
23 ]99.353 4491  9.15] 1.0128

Comwonawn—F
w
o
]
W
2

Si02+3C - SiC+2C0 (1).
hkl*
It is also thermodynamically possible for the carbon
002 (M) monoxide to react with the silicon dioxide to form
101 (M) silicon monoxide.
111 (S)
110 (M) Si02 +CO = Si0O+ 2).
200(S) ©2 02 @
103 (M) Analysis of the cnergetics of reaction (1)

112 (M) suggests that it is feasible above 1700K under
atmospheric pressures. The effect of the lower
202 (M) partial pressures (due to the vacuum in the hot press)
105 (M) and the reducing environment of the carbon dies

) would be to lower this reaction onset temperature, as
006 (M) has been shown by Ishizaki [14]. Calculations of the

311(S) magnitude of the lowering in the onset temperature
213 (M) are currently being performed.

222(S)

204 (M) Thermogravimetric analysis under flowing argon

220M) (at heating rates of 10K/min) of the MA MoSiz
doublet powders with and without carbon additions (Fig. 7)
22 M) indicated that there were significantly greater weight

400(S) losses in the case of the C-modified material at
g(l)(l) (n; temperatures above 1423K. In separate experiments
131 gS) conducted under flowing argon at similar heating

* M = MoSiz S = SiC

rates, the overall weight loss of a carbon-modified
sample hecated to 1773K was about

12.5 percent. Based on the reaction mechanisms discussed previously, the weight losses in the C-modified
material can be ascribed to the formation of gaseous products such as CO and CO; during the reaction, as well as
a partial loss of gaseous SiO and MoO3. The above mentioned weight-loss data must be interpreted with caution
bearing in mind that the actual sample consolidation was carried out under vacuum whereas the TGA experiments

were done in flowing argon.

101.0

100.3

100.0

% of original weight

a.sr

— MA MaSiy
...... C-moddificd MA MoSiy -

4 i L

.04 2%

$00 750 1000 1230 1500

Temperature (°C)

Fig. 7. TGA data showing weight losses as a function of temperature for MA MoSiz and C-modified MoSia.
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it is clear that the most stable phases at 1700K (where
most of the reactions occur) are MoSi2, CMosSis,
MosSi3, and SiC. The possibility of Mo2C is
discounted based on its higher free energy (lower
stability) compared to the other phases. This is
confirmed by the absence of the MoC phase in the
samples analysed. Comparison of the observed
microstructures with thermodynamically calculated
predominance regimes will be dealt with in a scparate
publication .

The carbothermal reduction of silica is best
depicted as occuring in the following sequence:

§i02 = Si0O+0
C+0 - Q0

followed by the reaction of silicon monoxide to form
silicon carbide, i.c.,

Si0+2C - SiC+CO.

3.30 ]
.75 1

2.20 1

Intensity (x 103 cps)
N

1.65 1

0.0 20.0 40.0

Figure 5. BFTEM of the C-modified MA MoSia
showing the absence of grain boundary SiO».

60.0 80.0 100.0

20 (Degrees)

Figure 6. Variation of intensity as a function of 20 for the hot-pressed, carbon-modified MA MoSiz
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Consolidation experiments were also performed on carbon-modified commercial powder (-325 mesh) under
identical processing conditions as the C-modified MA MoSis.. The resultant microstructures lacked homogeneity
in the silicon carbide distribution when compared to those derived from MA MoSip powder, suggesting that the
increased specific surface area of carbon and its uniform distribution that are brought about by the mechanical
attrition process leads to an enhanced rate of the carbothermal reduction reaction and a more efficient conversion
to SiC. Presently, it is unclear as to whether the silicon carbide formation mechanism involves a vapor-liquid-
solid reaction or vapor phase species reacting initially at smail nuclei, and further studies are underway to
elucidate this information. :

The above results might also be used to explain the defect-free microstructures observed in SiC reinforced
MoSi2 where the addition of SiC was observed to lead'to"a reduction of the SiO2 phase. It is suspected that the
commercial SiC used in those studies contained substantial amounts of free carbon which is responsible for the

microstructural enhancement of the resulting SiC/MoSiz composites, due to the ensuing carbothermal reduction
reactions.

Summary

MoSij containing a uniform distribution of in-situ formed silicon carbide has been successfully synthesized
from mechanically attrited powders. The glassy silica phase that is characteristic of all powder processed MoSiz
has been effectively eliminated and converted into the high temperature stable silicon carbide phase. Plausible
reaction mechanisms have been discussed, and an explanation for the gettering effect seen in SiC reinforced

MoSi3 has been proposed.
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MoSi;-based composites have been synthesized through the mechanical alloying (MA)
of elemental molybdenum and silicon powders with and without carbon additions. The
interplay between the phase formation sequence in the powders and the microstructural
evolution in the consolidated samples is described. It is shown that the glassy SiO, phase
characteristic of conventional powder processed MoSi; can be effectively eliminated by
combining mechanical alloying. carbon additions, and an in situ carbothermal reduction
reaction. Using this approach, composites consisting of uniformly distributed micron-size
SiC in an MoSi; matrix can be formed. The effect of important processing variables such
as the extent of carbon additions, extraneous iron pickup during MA, partial pressures of
oxygen, consolidation temperatures, and consolidation atmospheres is discussed based on
the evidence obtained from DTA, TGA, TEM, and XRD.

I. INTRODUCTION

The intermetallic MoSi; has long been considered a
potential material for high-temperature structural appli-
cations due to its high melting point, excellent oxidation
and corrosion resistance, low density, and good electrical
and thermal conductivity. Similar to many other high-
temperature intermetallics, the use of MoSi; is limited
as a structural material due to its low ambient tempera-
ture fracture toughness and poor elevated temperature
strength.

A number of approaches for the processing of this
intermetallic are unsuitable due to its high melting point
and owing to the fact that it exists as a line compound.
Furthermore, the relatively high dissociation pressures

. of MoSi, at elevated temperatures result in uncontrolled

second phase formation due to silicon volatilization.!? In
view of these characteristics, powder processing appears
to be the preferred fabrication route due to the lower pro-
cessing temperatures that it affords; unfortunately, it also
results in the incorporation of silica (originally formed
as a surface laye, on the powder particles®) into the
consolidated samples. The presence of grain boundary
silica either as a continuous film or as discrete particles
is expected to be detrimental, since the particles may
serve as crack nucleation sites at lower temperatures,
while enhancing deformation via grain boundary sliding
at temperatures above 1200 °C where the silica softens
appreciably. In fact, recent studies have shown that
low silica polycrystalline MoSi; demoastrates negligible
“plasticity” below 1400 °C.* Silica formation also alters
the matrix stoichiometry and results in the formation
of MosSiy. Such stoichiometric deviations degrade the
intcrmediate tempcrature oxidation resistance® of the
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silicide. Finally, silica has also been reported to cause
the degradation of the diffusion barrier coatings at the
fiber-matrix interface in ductile fiber-reinforced MoSi,.

In attempting to coatrol the oxygen content of MoSi;
by varying the starting powder size and by intentional
carbon additions (deoxidant), Maxwell’ found that a
fine-grained material with carbon additions had better
creep properties and lower high-temperature plasticity
than a similar grain-size material without carbon.
More recently, Maloy et al® also reported improved
clevated temperature fracture toughness with vary-
ing levels of carbon additions. However, substantial
(~40%) weight losses were reported on consolidating
these samples, rescliing in uncontrolled formation of
Mo-rich second phases. Hardwick and co-workers®
attempted to process oxygen-free MoSi, by conducting
all the powder handling and consolidation steps under
vacuum or inert gas atmospheres. However, these
approaches™® are impractical from the standpoint of
processing bulk structural parts, due to the difficulties
involved in the scale-up of the evacuation systems, as
well as the excessive costs that would be associated with
such processes.

It is therefore clear that further enhancements in the
properties of MoSi; and MoSi;-based composites are
possible only with the elimination of silica (and oxygen)
in the matrix along with close control of the overall
stoichiometry, through the use of simple and economical
processing schemes that do not necessitate elaborate
care during powder handling. Thus, the major focus of
the present study was to achieve the above-mentioned
objectives through a combination of mechanical alloying
and carbothermal reductions for the silica-frec synthesis
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of MoSi,. While mechanical alloying (MA) would result
in the formation of a microstructurally uniform and
compositionally homogeneous alloy of the desired stoi-
chiometry, the carbothermal reduction process!*!? would
utilize the reducing effect of carbon to convert silica to
silicon carbide. Furthermore, mechanical alloying would
enable the homogeneous dispersion of carbon in the
matrix to facilitate these reactions.

itl. BACKGROUND
A. Phase equilibria

Optimizing the processing conditions and under-
standing the microstructural evolution requires a knowl-
edge of the phase equilibria and crystal chemistry of
the binary Mo-Si and the ternary Mo-Si-C systems;
these are summarized in Table I. It should be pointed
out that many of the carlier thermodynamic and struc-
tural determinations of these systems were in error
due to oxygen and carbon contamination of the sam-
ples, as well as due to the high melting points of the
compounds.

Ternary isotherms of the Mo-Si-C system, as
shown in Fig. 1(a), were constructed by Nowotny and
co-workers's at 1600 °C and by Brewer and Krikorian®

at around 1727 °C. Subsequently, van Loo and co-
workers?! constructed a 1200 °C isotherm [see Fig. 1(b)]
after examining arc-melted alloys and diffusion couples.
The only ternary phase in the Mo-Si—C system is the
“Nowotny phase” which has the approximate formula,
C«1MocsSis, and a relatively wide homogeneity
range.'¢!2%2! Minor additions of carbon to MosSi;
destabilize its tetragonal structure and result in the
formation of a carbon stabilized hexagonal Nowotny
phase. These Nowotny phases have the general formula,
TiTYM3X<,, where T denotes a transition metal, M -
represents Ge or Si, and X denotes a nonmetal such as C,
O, B, or N.!7 The presence of carbon-centered tetrahedra
is characteristic of the Nowotny phases and accounts
for their stability. While the isotherms of Nowotny
et al. and Brewer and Krikorian are in good agreement
with each other in their prediction of the existence of
a three-phase field between MoSi;, C<;Mo<sSi;, and
SiC, the results of Van Loo indicate the coexistence of
MosSis, SiC, and C<Mo.sSis at 1200 °C. Recently, it
has been postulated by Costa e Silva and Kaufman?®
that the van Loo and Brewer diagrams are consistent
with each other only if a class II, four-phase reaction
(MoSi, + Nowotny — SiC + MosSi;) exists between
the temperatures at which these isotherms were
constructed, i.e., 1200 °C and 1727 *C.

TABLE [. Summary of the binary and ternary phases of the Mo-Si-C system.

Temp. Crystal Lattice
System Formula ‘0 system Structure  parameters (nm) Ref. Comments
Mo-Si  Mo;Si 2025 Cubic Pm3n a = 0.4890 14 Forms by the peritectic reaction, L +
a = Mo,Si
MosSis 2100 Tetragonal [4/mcm a = (0.9648 14 Incorrectly identified as MosSiz until
¢ = 04910 Aronson.'® Solubility range ~ 3 at. %.
a~-MoSi; 1900 Tetragonal  [4/mmm a=03202 14 a-f transformation is polymorphic.
¢ = (.7843 However, Ref. 13 considers 8 dec-
omposition to @ and MosSiy through
a eutectoid reaction. S may be stabi-
lized by impurities, e.g., Ti.
8-MoSi; 2020 Hexagonal P6;22 a = 0.4642 14
c = 0.6529
Si-C a-SiC ~2800 Hexagonal P6ymc a = 0.3081 15 Numerous other polytypes exist.
c = 1511 :
B-SiC ~2800 Cubic Falm a = 0.4358 15
Mo-C fA-MoC 2650 Hexagonal . P63/mmc a = 02932 16 Forms by the peritectic reaction, L +
c = 1.097 MoC = Mo,C
MoC 2520 Hexagonal P63/mmc a = 0.3006 15 Other metastable forms which are slightly
¢ = 0.4753 carbon rich such as a- and n—carbides

(composition
dependent)

Hexagonal P6y/mcm

exist at high temperatures and trans-
form at lower temperature by eutec-
toid reaction to f-Mo,;C + C.

¢/a changes slightly with carbon con-
tent. First structure determination made

by Schachner er al.,'® but incorrectly
identified as Mo«Siy.

a = 0.7286 17
b = 0.7287
¢ = 0.5002
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FIG. 1. Schematic of the ternary isotherms of the Mo~Si-C system as proposed by (a) Nowotny e al'® at 1600 °C and (b) van Loo
et al st 1200 °C3 N in (a) and T in (b) denote the CcyMocsSis phase. »

B. Processing rationale
Based on the 1600 °C isotherm of Nowotny and

the 1727 °C isotherm of Brewer, it is clear that ternary

powder alloys within the composition limits established
by the MoSi; + C< Mo0«sSis + SiC three-phase field
should form a thermally stable, three-phase microstruc-
ture when consolidated at these temperatures, provided
that the powders are sufficiently homogeneous to mini-
mize the diffusion length scales so as to establish equi-
librium within the short time frames of the consolidation
process. Here, it is assumed that the nature of the
isotherms is unaltered by the presence of small amounts
of oxygen present as surface SiO; on the powders.
While part of the carbon would take part in the deox-
idation/carbothermal reduction reactions, the unreacted
residual carbon would exist in equilibrium, as dictated
by the isotherm.

For the formation of MoSiy/SiC composites with a
minimal amount of the Nowotny phase, it is necessary
to start with nominal compositions slightly to the Mo-
rich side of the MoSi;~-SiC tie line; this ensures that the
compositional variations (carbon and silicon losses) due
to the carbothermal reduction reactions do not shift the
overall composition to the adjacent Si + MoSi; + SiC
field, where the Si phase would experience incipient
melting above ~ 1400 °C and thus result in the degra-
dation of the high temperature mechanical properties.
Bearing this in mind, it is possible to vary the amount of
the reinforcing SiC phase in the MoSi, matrix by simply
choosing compositions at various points along the tie
line. Note that the formation of the thermodynamically
expected microstructures may also be limited by various
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kinetic constraints. Similarly, processing related effects
such as porosity should also be appropriately controlled
in view of the gaseous by-products formed as a result of
the carbothermal reduction reaction.

It is worth noting that the deoxidation of commercial
MoSi, by carbon additions without a commensurate
increase in the silicon content’® would result in com-
positional shifts along an imaginary line between MoSi,
and C and a corresponding increase in the amount of the
Nowotny phase, according to the diagrams by Nowotny
and Brewer [Fig. 1(a)].

In the present study, two powder compositions were
chosen for mechanical alloying (MA). One corresponded
to stoichiometric binary MoSi; as a baseline for com-
parison, and the other was a ternary alloy in the
MoSi; + C<iMocsSiy + SiC three-phase field, accord-
ing to the Nowotny diagram [Fig. 1(a)].

ill. EXPERIMENTAL PROCEDURE

The compositions investigated by mechanical alloy-
ing in this study were Si—28Mo-14C and Si-33.33Mo
(stoichiometric binary MoSi;) (all compositions in
atomic percent). Mechanical alloying was performed
in a water-cooled Szegvari attrition mill (planetary
type) using hardened steel balls as the milling media
and a ball to charge ratio of 5:1. Elemental powders
of commercial purity molybdenum (purity 99.9%,
2-4 um) and silicon (purity 98%, <44 um) obtained
from Cerac and high-purity carbon powder (99.5%
pure, —300 mesh, amorphous) obtained from Johnson
Matthey were the starting materials. To minimize oxygen
contamination during processing, high-purity titanium-
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gettered argon (oxygen content less than 4 ppm) under a
slightly positive pressure was maintained in the attritor.
The progress of MA was monitored by withdrawing
small amounts of powder samples from the same
attrition batch after 0, 0.5, 7, 17, 29, 40, and 42 h of
milling. The powders were characterized for structure
and morphology by SEM and XRD. In addition,
powders obtained after 17 and 40 h of milling were
analyzed by TEM. For the TEM analysis, powders
were ultrasonically dispersed in acetone, and a small
droplet was spread on a holey carbon film. The fine
size (<1 um) of the powders ensured their electron
transparency.

Consolidation of the MA binary and ternary powders
was carried out by hot pressing under a vacuum of
1072 Torr or less in an inductively heated graphite die at
both 1450 °C and 1600 °C at a pressure of 35 MPa for
1 h. To prevent cracking of the sample, the pressure was
released prior to cooling. Samples for microstructural
characterization were diamond-saw cut, ground, and
polished to a 1 um diamond finish. Thin foil TEM
samples were prepared from the bulk samples following
standard procedures of dimpling and argon ion-milling
at 4.5 kV. Microstructural analysis of the consolidated
samples as well as the MA powders was performed using
a JEOL JSM 6400 SEM equipped with a Tracor North-
ern EDS unit with light element detection capabilities
and JEOL 200CX and JEOL 4000FX TEM'’s, the latter
equipped with a Princeton Gamma Tech EDS unit with
a light element detector.

The transformation characteristics of the MA
powders were monitored by differential thermal anal-
ysis (DTA) and thermogravimetric analysis (TGA).
DTA/TGA was performed under flowing gettered argon
(1 cc/min, oxygen content less than 4 ppm) on a
Netzsch STA-409 system with heating/cooling rates of
10 °C/min. Errors due to the differing specific heats of
the sample and the reference were eliminated by using
commercial MoSi; powder that had been previously
calcined under gettered argon at S00 °C as the reference.
For more detailed investigations, powders were heated
at 10 °C/min under gettered argon above each DTA
exotherm, held at that temperature for less than a minute,
and rapidly cooled for subsequent analysis. Structural
analysis of the powders and the consolidated samples
was carried out using a Philips ADP 3720 diffractometer
operated at 40 kV and 20 mA with Cu K, radiation and
digital data acquisition over 20 ranges of 5°-100°.

IV. RESULTS AND DISCUSSION

~ A. Powder microstructure

The development of the powder morphology with
increasing milling times is shown in Fig. 2. After 0.5 h
of milling [Fig. 2(c)], large particles with a diaiacter of

5-6 um are predominant. Refinement of the powder
continues through 7 h of milling [Fig. 2(d)], beyond
which the reduction in powder size is gradual. The
powder size stabilizes around 1 um after 29 h (Fig. 2(¢)]
and remains constant thereafter [Fig. 2(f)].

Structural evolution studies of the powders as a
function of milling time (Fig. 3) indicated the formation
of traces of B-MoSi, (hexagonal form) after short
milling times [0.5 h, see Fig. 3(a)]. Further milling [7 h,
Fig. 3(b)] results in a slight increase in the amount
of B-MoSi, along with the gradual appearance of .
a~-MoSi, (tetragonal form). Further increases in the
amount of a—MoSi, continue through 17 h of milling
[Fig. 3(c)], at which time elemental molybdenum and
silicon are still present. Milling beyond 17 h through
29 h [Fig. 3(d)] results in the almost complete disap-
pearance of the silicon peaks, along with a considerable
broadening of the a~MoSi, peaks; this is presumably
due to the decrease in the crystallite size of a—MoSi;
rather than the effect of lattice strain since MoSi; is
brittle at the milling temperatures. This was confirmed by
TEM observations. Beyond 29 h, milling has little effect
on the structure of the powders, a fact which was also
corroborated by the SEM observations, which showed
particle size stabilization after 29 h.

Powders were characterized for their microstruc-
ture by TEM. A dark-field TEM micrograph of a MA
MoSi; powder particle milled for 40 h is shown in
Fig. 4(a). Close examination reveals a fine distribution
of crystallites, the sizes of which are between 4 and
7 nm. In addition, the surfaces of the powder parti-
cles appear to be covered with a layer of amorphous
oxide, the projected thickness of which varies from 5
to 15 nm. The selected area diffraction pattern (SADP)
(Fig. 4(b)] from this powder indexes to the interplanar
spacings of Mo and a-MoSi;. X-ray diffractograms
[Figs. S(a) and 5(b)] from these powders not only con-
firm the presence of the predominant phases (Mo and
a—~MoSi;) determined in the SADP's, but also reveal
traces of the metastable B-MoSi;, which reportedly
occurs only above 1900 °C under equilibrium conditions.
The formation of the 8-MoSi, at lower temperatures
is not surprising and has been reported during the
annealing of amorphous Mo-Si multilayers prepared
by sputtering,®?* as well as in ion-implanted MoSi,
films.®® The presence of Mo and MoSi; in the as-
milled powders suggests that silicon is dissolved in the
MoSi, and Mo crystallites; this is also a metastable
effect caused by mechanical alloying, since the terminal
solubilities of Si in Mo and MoSi, are negligible at
room temperature although both Mo and MoSi, are
known to exist over a certain homogeneity range above
~1500 °C.'>'* The possibility of amorphization of part
of the silicon was considered, bul was eliminated in
view of the experimental evidence against it."* The fine
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MA MoSi; powder as a fuaction of milling time. XRD patterns of the powders milled for the indicated

times: (8) 0.5 h (®) 7 h (c) 17 h and (d) 29 h (Mo is molybdenum, Si is silicon, T is tetragonal a-MoSi,, and H is hexagonal 8 —MoSiy).

scale of the powder microstructures and the intermetallic
compound formation during mechanical alloying sug-
gest a homogeneous distribution of alloying elements.
EDS analysis of the powders also revealed the presence
of trace amounts of iron impurities that were probably
picked up from the hardened steel balls used for milling.
In order to ascertain the effects of carbon additions
on the final structure of the MA powders, XRD pat-
terns from the binary [Fig. 5(a)] and ternary samples
(Fig. 5(b)] after 40 h of milling were compared. It can
be seen on the basis of the relative intensities of the
molybdenum and a—MoSi; peaks that the formation of
a—MoSi; is suppressed by the carbon additions.

B. Phase evolution

The phase evolution of the binary and ternary MA
MoSi; powders as a function of temperature was studied

by DTA. A typical heating trace of the binary MA MoSi,
powder is shown in Fig. 6, where weak exotherms corre-
sponding to 580 °C, 780 °C, and 1020 °C are apparent.
The transformations corresponding to these exotherms
were studied by XRD analysis of powders heated to
temperatures above the end of each exotherm under
identical heating conditions (10 *C/min under flowing
argon), and the results are shown in Fig. 7. Comparison
of the room temperature and the 690 °C XRD patterns
(Fig. 5(a) and Fig. 7(a), respectively] showed that the
mild 580 °C exotherm is associated with the formation
of more a—-MoSi;, as is evidenced by the change in
the relative intensities of the @ —MoSi, and Mo peaks.
Likewise, comparison of the 690 *C and 950 °C XRD
patterns shows that the 780 *C exotherm corresponds
to the simultaneous growth of a—MoSi; and MosSi,
(tetragonal). The 1020 °C exotherm appears 10 be as-
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(b}

FIG. 4. (a) Dark-field TEM of the unannealed, as-mechanically-
alloyed powder after 40 h milling, showing the distribution of fine
crystallites of Mo, a - and §-MoSi in the micron-sized MA pow-
der. Also note the presence of an amorphous layer surrounding the
powder particle. (b) Selected area diffraction pattern from the above
powder particle.

sociated with the growth of a—MoSi; at the expense
of B-MoSi; and tetragonal MosSi;. Further heating to
higher temperatures [1300 °C, Fig. 7(d)] resulted in a
decrease in the amount of MosSiy due to its transforma-
tion to a —MoSij, although minor amounts of the MosSi,
were still apparent.

Figure 8 shows the DTA trace of the ternary MoSi,.
Exothermic reactions with peaks at 540 °C, 875 °C, and
1030 *C were observed. The transformation sequences
of these powders were monitored in the same manner
as the binary MA MoSi; powders, and the results of
the XRD analysis are shown in Fig. 9. Comparison of
the room temperature [Fig. S(b)] and 750 °C patterns
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FIG. 5. XRD of the (2) MA binary stoichiometric MoSi; and (b) MA
ternary MoSiz (Si-28Mo-14C) after 40 h of milling. Note the
relative intensities of the molybdenum and a-MoSi; pezks (Mo
is molybdenum, Si is silicon, T is tetragonal a -MoSiy, and H is
hexagonal B-MoSi,).

[Fig. 9(a)] indicates that the mild 540 °C peak corre-
sponds to the partial transformation of molybdenum to
B~MoSi;, while the analysis of the 750 °C and 935 °C
patterns [Figs. 9(a) and 9(b), respectively] suggests that
the 875 °C exotherm corresponds to the formation of
the carbon-stabilized C<,Mo;Si; (Nowotny) phase at the
expense of molybdenum. The possibility of this higher
motybdenum silicide forming as an oxidation product
rather than as a phase transformation product was also
considered, but was discounted on the basis of the TGA
data (discussed in detail in a later section), which did not
show any inflections (duc to weight loss or gains that
arc normally associated with oxidation reactions) at the
corresponding cxothcrmic temperature (875 °C, Fig. 106).
Furthermore, the 1030 °C exotherm corresponds to the
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FIG. 6. DTA of binary stoichiometric MoSi; under flowing Ar at
a heating rate of 10 °C/min, along with the corresponding phases
observed by XRD.
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transformation of the Nowotny phase and B-~MoSi, to
the more stable @~MoSi,, as evidenced by a comparison
of the 935 °C and 1070 °C XRD patterns [Figs. 9(b)
and 9(c), respectively]. Heating to higher temperatures
[1400 °C, Fig. 9(d)] results in a decrease in the amount
of the Nowotny phase and an increase in a—MoSi;.
The DTA cooling curves of the binary and the ternary
powders were flat in nature, thereby indicating stable
structures.

The low-temperature formation of the carbon-
stabilized Nowotny phase instead of the thermo-
dynamically preferred a~MoSi; phase is probably
related to its greater ease of nucleation and growth. The
stability of the 8—MoSi; up to 1030 °C is also not
surprising. Hexagonal 8-MoSi;, formed by isothermal
annealing of sputtered Mo-Si multilayers, has been
reported to be stable up to 800 °C. The higher tem-
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FI1G. 7. XRD of the MA binary stoichiometric MoSi; powders heated at 10 *C/min under flowing atgon to the temperatures indicated:
(a) 690 *C (b) 950 *C (c) 1070 *C and (d) 1400 *°C (Mo is molybdenum, Si is silicon T is a-MoSi;, H is B-MoSiy, and F is the

tetragonal MosSiy phase).
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perature stability of the 8 phase in this study is probably
related to the presence of iron and oxygen impurities
rather than the relatively high heating rates of the pow-
ders; this is consistent with the experimental evidence
obtained from the isothermal annealing of the MA
binary and ternary powders (820 °C for a period of 1 h),
which demonstrated the stability of the 8 -MoSi, phase.

C. Consolidated microstructures

Figure 10 shows the microstructures of a hot-pressed
specimen derived from the MA nominally stoichiometric
MoSi; powdzrs. Considerable amounts of second-phase
particles with volume fractions of about 0.15 are present
in the MoSi; matrix. TEM/EDS analysis of these sam-
ples (Fig. 11) revealed the presence of submicron-sized
grains of MoSi, and second-phase particles which were
amorphous and silicon-rich, indicating the presence of
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FIG. 9. XRD of the MA ternary MoSi; powders (Si-28Mo-14C) heated at 10 *C/min under flowing argon (v the temperatures indicated:
(a) 750 °C, (b) 935 *°C, (c) 1070 °C, and (d) 1400 *C (Mo is molybdenum, Si is silicon, T is a~-MoSi;, H is 8-MoSi:, and N is the

hexagonal Nowotny phase).
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FIG. 10. Scanning Electron Micrograph (SEM) showing the micro-
structure of the hot-pressed binary MA MoSi,.

a glassy silica phase. The silica was present at the
grain boundaries and triple points. In addition, very fine

FIG. 11. Brigh-Ficld Transmission Elcctron Micrograph (BFTEM)
and SADP of silica particles in hot-pressed binary MA - MoSi,.
S denotes a typical sifica particle

(10 nm) dispersoids were found within the MoSi, grains,
along with occasional grains of MosSis.

Figure 12 shows a backscattered electron image of a
hot-pressed specimen derived from the carbon-modified
MA MoSi; powder. Considerable improvement in the
overall homogeneity and cleanliness of the microstruc-
ture is apparent in comparison with the samples derived
from the binary MA MoSi, powder. Based on the atomic
number (Z) contrast, it is apparent that the material has
threc phases.

Following qualitative analysis by EDS, the compo-
sitions of each of these phases, as well as the overall
matrix composition, were determined by electron mi-
croprobe analysis. In addition, quantitative estimation
of the volume fraction of these phases was obtained
using standard point count techniques. These results are
summarized in Table II. The data indicate the presence
of SiC (low Z phase), MoSi; (intermediate Z phase), and
an iron-containing Nowotny phase Cc (Mo, Fe)<sSis
(high Z phase) in the microstructure, and thus seem
to support the isotherms proposed by Nowotny er al.
and Brewer and Krikorian'62? [see Fig. 1(a)] rather than
that of van Loo er al?' [see Fig. 1(b)]. Furthermore,
the volume fractions of these phases are in reasonable
agreement with the location of the nominal compositions
in the MoSi; + SiC + C<Mo«sSi; three-phase field
in the Nowotny diagram. As mentioned ecarlier, the
source of the iron is believed to be the hardened steel
milling media. Interestingly, no iron was detected in the
MoSi,, despite the fact that it has a limited amount of
solubility for iron.?” The prefercntial location of iron in
the Nowotny phase is probably related to the greater
affinity of iron toward the carbon-centered octahedra of’
this phase. The relatively s+ 1ll size differences between
the atomic radii of Mo and Fe, together with the low

FIG. 12. Backscattered clectron image of the hot-pressed ternary MA
MoSi: (Si-28Mo-14C)
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TABLE II. Microstructural characteristics of the consolidated samples derived from the ternary MA MoSi; powders.

Composition (at. %)

Volume
Phase Si Mo C Fe fraction (%)
MoSiz 64.55 3545 0.0 0.0 79.18
SiC 0.0 48.29 50.20 0.0 11.83
Nowotny 54.91 35.26 S22 4.59 9.028
Ovenall 58.16 7 9.765 037
Initial 58.00 28.00 14.00
—— ——

levels of the iron impurity, make iron substitution on the
molybdenum sites easy, since the resulting lattice strains
would be small. It is also apparent that the Nowotny
phase tends to adjoin the SiC grains, thercby suggest-
ing that its origin is probably due to local deviations
from stoichiometry resulting from either SiO, or SiC
formation.

‘TEM analysis of the carbon-modified material re-
vealed a homogeneous microstructure with uniformly
distributed second phases such as those mrarked A and
B in Fig. 13(a). The average grain size of the MoSi;
was between 3 and 5 um, which is much larger than
that of the material without carbon. The larger grain
size is a temperature-related effect as ternary powder
samples consolidated at 1450 °C exhibited submicron
grain sizes. EDS microanalysis, with an ultrathin poly-
meric window, of region A showed the presence of
silicon and carbon alone, indicating that these regions
correspond to the dark (low Z) regions, such as those
shown in Fig. 12, SADP’s were obtained along the
major zone axes from these and other silicon-rich regions
(Fig. 13(b)] and were consistently indexed to the cubic
B-SiC structure (with a = 0.4359 nm). The B-SiC
was present in the form of 1 pum-sized particles located
predominantly along grain boundaries and at triple-
point regions. Furthermore, the SiC particles were easily
distinguishable based on the internal twinning observed
(Fig. 14). Although the microstructural origin of these
SiC particles is presently not well understood, it is prob-
able that their formation would involve the following
reactions: (A) the carbothermal reduction of silica to
SiC, and (B) the cooperative displacements of Si and
C from MoSi; and CMosSiy to form SiC. While
the reaction mechanisms for (A) have been discussed
previously!!, the results of the phase evolution studies on
the ternary powders do not indicate the formation of SiC
within the limits of detection of the XRD. However, the
fact that these studies were conducted on loosely packed
powders, at atmospheric pressures under flowing argon,
as opposed to the consolidation conditions that involve
densely packed powders under highly reducing atmo-
spheres, might have precluded effective conversion of
silica to SiC. On the other hand, direct rcaction betwcen
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cooperatively displaced Si and C is also feasible above
1435 °C, based on the DTA daia of Singh.?® In addition
to B-SiC, grains of the iron-containing Nowotny phase
(region B) were also easily distinguishable, based on
their lower ion-milling rates. Most importantly, the grain
boundaries also appeared to be free of silica (Fig. 15),
aithough a small amount was occasionally observed
within the grains. Contrary to Maxwell’s hypothesis that
molybdenum carbides would be present in the matrix
as a reduction product of MoO,’ and in accordance
with the 1600 °C isotherms of Nowotny, none of the
molybdenum carbides such as MoC and Mo,C were

" detected.

D. Thermogravimetric analysis

The results of the thermogravimetric analysis (heat-
ing and cooling rates of 10 K/min) of the MA bi-
nary (solid line) «nd ternary powders (dotted lines)
are shown in Fig. 16. The top and bottom curves in
cach set represent the weight changes of the powders
during heating and cooling, respectively. While both
the samples experienced weight losses above 1200 °C,
those exhibited by the C-modified ternary MA MoSi;
powders were much higher than those of the binary
MA MoSi; at all temperatures. Examination of the
XRD patterns of the binary MA MoSi; at temperatures
above 1200 °C [Fig. 7(d)] revealed minor amounts of
tetragonal MosSis, indicating a silicon depleted powder.
With the knowledge that the oxygen content of micron-
sized MoSi, powders is about 1.5 at. %, it is quite
possible that the weight losses above 1200 °C are caused
by the dissociation of SiO; (under very low partial
pressures of oxygen) to the volatile SiO. On the other
hand, the higher weight losses in the C-modified MA
MoSi; powders can be ascribed to the presence of
carbon. However, the mechanism in this case is the
reduction of SiO, by carbon to volatile oxides such as
CO, CO,, and SiO.

The above data are consistent with the weight losses
cxperienced during the actual hot consolidation of the
tcrnary MA MoSi; samples. Vacuum hot pressing of
the C-modified samples at temperatures of 1550 °C and
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FIG. 13. (a) BFTEM of the ternary MA MoSi,. (b) SADP of 8-SiC
along B = (011] (region A). (c) SADP of the Nowotny phase along
B = [1010] (region B).

below resulted in weight losses near -~ 4%, while higher
consolidation temperatures (1700 °C) resulted in a near
doubling of the weight loss (~ 8%). Hlowever, it should

FIG. 15. BFTEM of the ternary MA MoSi; showing the absence of
grain boundary silica.
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FIG. 16. TGA of the binary storichiometrnic MA MoSt (—) and
ternary MA MoSi; (8- 28Mo- 14C) (- - -) under lowaing argon at
a heating and cooling rate of 10 °C'mun The top curve in cach set
represents heating while the bottom curve represents cooling
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be recognized that the weight losses at temperatures
above 1700 °C are caused by the volatilization of silicon
from MoSi; due to the relatively high vapor pressures
of silicon over MoSiz,'? rather than by the carbothermal
reduction of the SiO,. This implies that while relatively
minor weight losses (up to 5%) due to carbothermal
reduction of silica are unavoidable, careful control of
the consolidation temperature and vacuum levels can be
used to prevent substantial weight losses (~40%), such
as those reported in previous studies.®

E. Significance of the In situ reactions

The ability to form silica-free MoSi; and MoSi;-
based composites containing micron-sized SiC reinforce-
ments opens up some exciting possibilities. Uniformly
dispersed SiC in a modified MoSi, matrix should lead
to considerable elevated temperature strengthening in
addition to improved fracture properties, due to the
enhanced resistance to grain boundary sliding brought
about by the SiC particles dispersed along silica-free
grain boundaries. It is also conceivable that the synthesis
of MoSi,/WSi, alloys with carbon additions by means of
mechanical alloying would result in improved strength-
ening due to the synergistic effects of solid solution and
dispersion strengthening with in situ formed SiC or WC.

Utilization of this strategy holds promise in re-
fractory metal (Nb, Mo, W) toughening also. In these
systems, the major problems encountered are the degra-
dation of the diffusion barrier coatings due to reactions
with silica, and the severe residual stresses caused by
the mismatch in the coefficients of thermal expansion
(CTE) between the matrix and the reinforcement phases.
Through the use of the ternary MA MoSi, powders, it
should be possible to form the desired volume fraction
of SiC reinforcements in situ so as to tailor the effective
CTE of the matrix to match that of the reinforcement.
For example, the CTE of a refractory metal such as
molybdenum or tungsten is intermediate between that
of MoSi; and SiC. As has been shown by Maloney
and Hecht,® controlled additions of micron-sized SiC
lower the effective CTE of the MoSi,-SiC composite in
accordance with the rule of mixtures and enable the use
of refractory metals that have better strength retention
at elevated temperatures (such as Mo and W), but are
otherwise limited in their use due to their low CTE’s.
Such an in situ modified matrix would also have the
added advantage of being free of silica and silicon,
compared to composites processed using commercial
powders,; this should prevent the coating degradation and
enhance the useful life of these composites.

V. SUMMARY AND CONCLUSIONS

A processing strategy utilizing carbothermal reduc-
tion reactions, mechanical alloying, and carbon additions
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has been developed for the synthesis of silica-free MoSi,
and MoSi,/SiC composites. Using this approach, MoSi,
and MoSiy/SiC composites have been fabricated starting
from pure elemental molybdenum and silicon powders
with and without carbon additions. The structural and
morphological evolution of the powders has been studied
as a function of milling time. It has been shown that
complete attrition is achieved after 29 h of alloying.
The resultant powders are micron-sized and contain 4 to
7 nm crystallites of molybdenum, o —~MoSi;, and traces
of B-MoSi;. The addition of carbon to the starting
elemental powder mixture suppresses the formation of
a—MoSi; in the fully milled powders. Minor amounts
of iron impurities were also found in the powders due to
the contamination from the milling media.

The phase evolution studies of the binary and ternary
MoSi; powders indicated that 8—MoSi; is stable to
1020 °C at heating rates of 10 *C/min, in contrast to pre-
vious studies on the isotpermal anpealing of Mo-Si mul-
tilayers which demonstrated stabilities to only 800 °C.
While minor amounts of tetragonal MosSi; were evolved
as an intermediate transformation product in the bi-
nary MA MoSi; powders, the evolution of the ternary
MoSi; powders showed the formation kinetics of the
Nowotny phase C<;MosSi3 to dominate that of tetrago-
nal @ —MoSi; at lower temperatures. However, tempera-
tures above 1000 °C resulted in the progressive decrease
in the amount of these higher molybdenum phases.

Complete consolidation of the MA powders was
achieved at 1450 *C. Amorphous silica that is found in
all conventional powder-processed matrices was essen-
tially eliminated through in situ carbothermal reactions
brought about by the additions of carbon through me-
chanical alloying. It is shown that composites consisting
of uniformly distributed micron-sized SiC particles with
varying volume fractions can be formed using this ap-
proach. Significant grain size differences exist between
the microstructures processed from the binary powders
and those of the ternary powders, probably due to the
higher consolidation temperatures used in the latter.
The formation of the iron and molybdenum contain-
ing Nowotny phase of the approximate composition
C<osMo<44Fep.4Si; is also reported. The co-existence of
the Nowotny phase with MoSi; and SiC is in agreement
with the isotherm proposed by Nowotny et al., rather
than that proposed by van Loo and co-workers.

The possibilities of utilizing MA powders to over-
come the CTE mismatch and coating degradation prob-
lems in ductile phase composites are discussed. The
use of these compositionally tailored powders would
alter the matrix CTE so as to match that of the ductile
reinforcements, thus minimizing the problems of matrix
cracking. The absence of silica should also improve
the stability of the diffusion barrier coatings of these
composites.
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NOVEL PROCESSING OF INTERMETALLIC MATRIX COMPOSITES USING IN SITU
DISPLACEMENT REACTIONS

A. Costa ¢ Silva, S. Jayashankar, P. Krishnan and M. J. Kaufman
Departiment of Materials Science and Engincering, University of Florida, Gainesville, Fl.

Abstract

The wtilization of in-situ displacement reactions is being investigated as a means of producing
in-situ dispersoids and tailored interfaces in intermetallic matrix composites. ‘The systems under
investigation include MoSi2 and NiAl matrices containing ceramic (c.g., SiC and Al203) and/or
refractory metal (e.g., Mo and W) reinforcements. Processing schemes include conventional
compositing routes, mechanical alloying and diffusion couples for more fundamental studies.
The elimination of silica and the production of SiC dispersoids in MoSip by mechanical alloying
Mo, Si and C powders prior to consolidation will be described. [n addition, it will be shown that
it is possible to form refractory metal carbides at the interfaces between NiAl and molybdenum
and tungsten by alloying the NiAl with small additions of carbon.
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Introduction

The progress in understanding the close relationships between properties and processing of
materials over the past few decades has led to considerable advances in processing of materials
from enlightened empiricism to more scientific based process design. Perhaps some of the most
significant advances lowards the tailoring of properties via processing has occurred in the field of
composite materials. The ability to define, a priori, the initial phases and constituents present in
composites is unique to these materials. This selection will, in principle, define a set of
properties derived from those of the initial phases and constituents; this has been the basic
concept behind the intraduction of composites. The final micro and macrostructures, however,
are governed by the same principles controlling the processing of other classes of materials and
become especially important when high tempcrature processing or application is considered.

The objective of this paper is to present a systematic analysis of the factors relevant to the
processing of intermetallic matrix composites, comparing them, where applicable, to the
experience and knowledge available with more conventional, non-composite materials. Of
particular interest is the application of these aspects to the subset of processing operations leading
to in-situ displacement reactions. Two examples which utilize these concepts will then be given.

The Case for Intermmetatlic Matrix Comiposites

Intermetallic materials have promising properties for high temperature structural applications.
The environmental resistances of the aluminides and silicides, their high melting points and low
densities when compared to metals make these materials potential candidates for next generition
high temperature structural materials. Significant obstacles to their application include their low
ambient temperature toughnesses and poor high temperature strengths.

Different approaches for improving the room temperature toughness and high temperature
strength of intermetallic materials have been attempted. Alloying (both macro and micro) (1) and
compositing are probably the most {requently considered approaches. A truly successful
approach should be able to influence the deformation mechanisms operating both below and
above the ductile to brittle transition tecmperature. The understanding of these mechanisius is
somewhat limited at present (2) as is the understanding of the effects of other elements (e.g..
impurities) which might be present. To a certain extent, even the phenomenological description
of the mechanical behavior of some of the promising silicides (and the aluminides to a lesser
extent) and the effect of third elements on this behavior is not well established (3,4).

The simplest view of a composite system is based only on the mechanical behavior of the
matrix and the reinforcement phases. This has been the initial driving force for the large number
of attempts to develop metal matrix composites (MMC's) and intermetallic matrix composites
(IMC's).  Although the "rule-of-mixtures" approach suggests that the overall composite behavior
should be related to the properties of the individual phases present, such behavior is frequently
not observed. For instance, the importance of coefficient of thermal expansion (CTE) mismatch,
long established in other areas of materials processing (e.g., 5), is dramatically amplified when
comparatively larger volume fractions of the phases are present as in composites. On the other
hand, the paramount importance of interface mechanical behavior (6,7) in defining overall
composite properties finds little parallel in the previous experience of processing other classes of
materials. Also, thermodynamic compatibility and stability of the phases cannot be overlooked,
especially when high temperature processing and application are considered. Therefore, although
the first justification for the use of compositing as a technique for improving the mechanical
hehavior of intermetallic materials might have been the fact that only relatively straightforward
phenomenological information was required, experience (i.e., the large number of unsuccessful
attempts) has shown that, in order to fully utilize the possibilities afforded by this approach, other
types of fundamental information (often not readily available) is required.
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The requisite infonmation for designing a successful IMC is encompassed in the following:

» Mechanical behavior of matrix and proposed reinforcements.

+ Thermodynamic compatibility between matrix and reinforcement.
 Matrix-reinforccment interface properties.

* Thermophysical and mechanical compatibility of phases present.

All the propertics in these groups are processing sensitive and to a farge extent will play a role
in defining viable processing schemes. On the other hand, processing may be designed to
deliberately affect some of these properties. Evidently, the properties are interrelated and cannot,
in most cases, be adjusted individually. In the next sections, these aspects are discussed in
greater detail.

Mcchanical Behavior of Matrix and Reinforcements

The silicides and aluminides of interest for the applicitions in question are, by necessity, high
melting compounds. In many cases, these high melting temperatures preclude the viability of
melting and casting to produce IMC's due to the effects of these high temperatures on the
degradation of the reinforcing materials, especially in the case of ductile phase reinforccments
(refractory metals), and to the lack of adequate crucible materials.

In addition, the effects of third elements (impuritics) on the mechanical properties of the
intermetallics are largely unknown. li is known that very small amounts of elements such as
carbon and oxygen can have significant effects on the properties of metallic materials both as
solutes and due to the formation of second phases. Although this in itself is an extensive field of
research in conventional metals and alloys it seems that its importance in the field of intermetallic
materials may have been largely overlooked until recently. In fact, some stages of metals
processing are now completely dedicated to residual element control, and astounding
improvements in both properties and reproducibility have been made recently.

Thennodynamic Compatibility between Matrix and Reinforcement

The ability to combine essentially any set of initial phases or constituents in a material is
unique to composites. Multiphase metal or ceramic systems are evidently limited to the stable and
metastable phases present in the selected system. If the initial phases or constituents are not in
equilibrium, however, kinetic considcrations will dictate the time stability of the system. Well
known examples include dispersion strengthened alloys and, in particular, precipitation
strengthened alloys which rely on the control of mismatch strains and interfacial energies to
maintain metastable phase distributions over long time periods.

The XD process developed by Martin-Marietta (8) uses precipitation reactions to generate the
reinforcements; in this respect, the phase relations are closer to those observed in a multiphase
metal or ceramic system. A large number of the IMC systems studied thus far, however, are
comprised of thermodynamically incompatible constituents (due to their potentially desirable
mechanical properties); in these systems the matrix-reinforcement reactions are controlled via
intenmediate "barrier” layers. Alternatively, intermediate "compliant” layers may have to be
introduced in otherwise stable systems in order to tailor interface propertics and to avoid
degradation due to CT'E mismatch effects, sec item 3.3 below. The way thesc interface layers are
produced may vary considerably, however.

In most studies, the reinforcements are coated prior to incorporation into the matrix material
(9,10,i1). The coating methods investigated include sol-gel, sputier deposition and physical and
chemical vapor deposition (PVD and CVD). Unfortunately these methods tend to be expensive,
time consuming and somewhat unreliable due to non-uniformity (cracks and discontinuities) that
arc cither present after the coating process or develop during drying (sol-gel), handling o
consolidation.
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A slightly different approach is to use displacement reactions where the interfacial layer is
formed or modified in-situ during the further processing (consolidation or heat treatment) of the
composite. Likewise, it is possible to produce desirable dispersoid phases and even eliminate
undesirable phases as part of this approach.

In a generic sense, in-situ reaction schemes can be described by:

A(prcscnl in mauh)*‘“(pmem in reinforcement or matri x)=AB(imcrf acial laycr, dispersoid or evolved gas phasc)

where the elements A and B may be present in the matrix or the reinforcement either as solutes or
in phases expected to be decomposed during the in-site reaction. Figure 1 illustrates some of the
topologically possible variations of these in-situ reaction schemes.

The similarities to techniques successfully employed in the processing of other materials are
not only striking but inspiring. Some relevant examples include the nitriding of high aluminum
steels to precipitate a dispersion of AIN, vacuum carbon deoxidation of nickel- or iron-based
alloys (although that is normally conducted in the liquid state) and the coating of alumina
inclusions with sulfides in bearing stecls (discussed further in section 3.4 below).

For the case of a silicide (Mg Si) reinforced by a metal My it is evident that some knowledge
of the thermodynamic behavior of scveral systems such as Mj -My;, A-M-Si, B-M-Si and,
eventually, quaternaries such as A-B-M-Si is necessary to screen the possible reaction schemes.

The availability of thenmodynamic data on some of the systems envisaged for application in

- IMC's is limited. Besides the usual techniques for acquisition of thermodynamic data, some

semi-quantitative techniques can be used to derive useful phase relations in these systems (12).
In addition, diffusion couples may be used to derive empirical phase relations (e.g., 13). One
must be aware that kinetics play an important role in defining the phases present in a diffusion
couple, i.e.. the phases present at a certain position in a diffusion couple may represent a
metastable equilibrium. More importantly, the preference for a given diffusion path on a ternary
diagram does not constitute proof of the non-equilibrium of other possible diffusion paths (e.g.,
14). Traditional techniques such as arc melting and heat treatment are also useful. Estimation of
bounds for thermodynamic functions based on known phase relationships can also be employed
(12,15,16). Lastly, asscssment of thennodynantic data and application of solution models
(sometimes of relatively high complexity) may also be used to predict phase relations in the
complex systems in question.

ix-Reinforcement Interf:

One of the most extraordinary characteristics of composites is the importance of the interfacial
properties on the overall mechanical behavior. The ability to tailor composite toughness and
strength via interface control is a powerful tool only recently adequately appreciated (7). The
aptitude to conciliate in an interface the thermochemical requirements discussed in the previous
section with the desired mechanical characteristics is not always simple. The adequate
characterization of interface behavior is still in its infancy at least for IMC's, and most
discussions are still done in a qualitative way. The general concepts associated with increased
toughness caused by partial debonding are well established but a priori specification of the
desired properties for an interfacial phase is still not feasible. '

n i ibility of Ph n

The possibility of tessellated stresses in composites of materials having different CTE's is
well established. The effect of interfacial phascs can be of enhancing or reducing these stresses.
On the other hand, these stresses play an important role on the overall mechanical behavior of the
interface and of the composite (7). The introduction of second phases to modify the resulting
tessellated stresses has been shown to be an effective technique in some instances (e.g., 17).
IFrom the processing viewpoint, the usual approach in IMC fabrication has been the mechanical
dispersion of a second phase into the matrix material by, for example, mixing powders.
Obtaining a uniform dispersion is a key factor in acheiving a regular stress distribution. Typical
ceramic processing techniques of co-dispersion of the matrix and sccond phases followed by
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drying or wicking have been applied with different degrees of success. Defining the proper
medium, surfactants and adequate conditions are the main difficulties reported by many
investigators. In situ displacement reactions are a viable alternative for the production of second
phases with uniform distribution. Precipitation of coating phases to reduce or even eliminate
tessellated stresses is a well-established processing route in metals processing. When alumina
inclusions are coatcd by sulfides in bearing steels, not only can tesscllated stresses be controlied
but also more adequate inclusion morphologies can be achieved, thercby minimizing stress
concentrations (18). Since most sulfide precipitation occurs at temperatures below the stcel
liquidus, the process is similar to the in-situ displacement reactions proposed presently.

LExamplces of Process Design for Compositcs

In the following, we will present two examples of the usc of in-situ reactions in the
development of IMC's. ‘The first example involves the reaction of carbon with molybdenum and
silicon powders to both climinate the amorphous, and probably detrimental, silica phase and to
form SiC as a displacement reaction product. The second example concems the formation of
interfacial carbides in refractory-metal reinforced NiAl. ‘The latter approach involves making
small additions of carbon to the NiAl matrix and allowing it to react with the refractory metal of
titercest.

Background A number of approaches for the processing of MoSi are unsuitable duc to its
high melting temperature and owing to the fact that it is a linc compound. In addition, the
relatively high dissociation pressures of MoSiz at elevated temperatures could lead to
silicon volatization (19,20), resulting in the uncontrolled fonnation of second phascs.
Consequently, powder processing appears to be the preferred route to the fabrication of
this material due to the intrinsically lower processing temperatures that it affords.
However, this processing route results in the incorporation of substantial amounts of silica
(S8iO originally present as a surface oxide on the powder surfaces) (21,22) into the
consolidated samples. The silica phase softens at temperatures above 1200°C and may be
responsible for the poor elevated temperature properties of MoSia. Silica particles in the
matrix may also affect the ambient fracture toughness, serving as weak links where cracks
nucleate easily. Finally, silica formation in an initially stoichiometric matrix also makes it
molybdenum rich, leading to MosSi3 formation.

It therefore becomes clear that improvements in the properties of MoSiz and MoSis
based composites for structural applications are possible only with the elimination of silica
(and oxygen) in the matrix along with close control of the overall stoichiometry. The
present study utilizes an in-situ carbothermal reduction reaction for the elimination of the
silica and its conversion to silicon carbide. Carbon, the essential ingredient in this in-situ
reaction, was incorporated into a mixture of elemental molybdenum and silicon powders
by mechanical alloying. This mixture had a stoichiometric ratio corresponding to MoSi>.
Mechanical alloying was selected due to its ability to produce a homogencous dispersion of
carbon in the matrix; this facilitates the in-situ carbothermal reduction reactions during the
subsequent hot-consolidation of the mechanically alloyed powders. A detailed description
of the processing parameters and the transformation sequences that occur during the
autrition and consolidation processes is presented elsewhere (22).

. i The importance of gas phase reactions in the Si-C-O system is well
established. The kinetics of the reduction of solid silica in refractories as well as the
production of SiC by the carbothermal reduction of silica indicate that the gaseous specics
CO and SiO play a critical role in these processes. Simplified calculations in the Mo-Si-O
system indicate that in the presence of either one of the silicides in question, all the
molybdenum oxides become unstable at much higher oxygen potentials than silica and
Si0. Whether SiO or silica is the stable oxide at a given tetperature depends on the total
system pressure. These calculations justify the use of the Si-C-O system for preliminary
analyses of the processes occuring,
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The mducuon of SiO3 to SiC by carbon occurs through a multistep reaction that
involves the initial reduction of SiO2 to Si or SiO, followed by the reaction to form SiC
(23.24). The reaction sequence can be depicted as follows:

Si0; = Si0O+0 ()
C+0 - CO (i)
SiO+CO — St+CO, (iii)

followed by the reaction of silicon monoxide or silicon to form silicon carbide, i.e.,

Si0+2C - SiC+CO (iv)
Si+C - SiC (v)
The overall reaction is thus:
SiOy + 2C — Si (in silicide) + 2CO (vi)
SiOr +3C - SiC+2CO (vii)

It is interesting 10 note that the reduction of silica (reaction (vi)) is sensitive to total
pressure. As in any carbon reduction process, the effect of the positive standard entropy
of reaction is to make carbon monoxide the most stable phase as the temperature is
increased. This is reflected in the standard free energy change of reaction (vii).

Reaction (vii) is thermodynamically viable above 1700K under atmospheric pressures.
Changes in the total pressure of the system would shift the equilibrium towards either SiC
formation or SiO7 retention. Ishizaki (24) has shown that a lowering of the oxygen partial
pressures and/or a reducing environment (conditions that typically exist during vacuum hot
pressing using graphite dies) favor SiC formation at lower temperatures. Reaction (vii)
also shows that two out of every three reacting carbon atoms are converted to CO.
Therefore, the consolidation sequences during powder processing should be chosen so as
to allow the product gases of the deoxidation reaction to escape in order to achieve full
densification without any residual gas porosity.

Results The effectiveness of the in-situ reactions in modifying the microstructure is
demonstrated by comparing the microstructures of MoSi3 imatrices processed with and
without carbon additions. As shown in Figure 2, the microstructures of hot pressed
specimens derived from the (nominally stoichiometric) MA binary MoSi; powders without
carbon additions (i.c., without in-situ displacement reactions) consists of submicron grains
of MoSij and 9ccond phase particles with volume fractions in the range of 0.15-0.20.
TEM/EDS analysis of these second phase particles revealed them to be amorphous and
silicon-rich, indicating the presence of a glassy silica phase. This glassy phase was
present at the grain boundaries and triple pomls In addition, unidentified fine (10 nm)
dispersoids were found within the MoSi grains along with occasional grains of MosSis3.

The microstructure of the carbon-modificd samples is shown in Figure 3a. A
significant improvement in homogeneity and cleanliness (absencc of silica) is apparent in
comparison to the samples derived from the binary MA MoSij powder without carbon.
TEM analysis of this carbon-modified material revealed a homogeneous microstructure
with unifonmly distributed second phases such as those marked A in Figure 3a. The

average grain size (3-5 pm) of the carbon-modified MoSiy was much larger than that of the

material without carbon additions (<1pm), possibly duc to the higher consolidation
temperatures used in the fonmer. Both silicon and carbon were detected via EDS
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microanalysis (thin window) of region A in Figure 3a indicating that these regions
correspond to grains of SiC. Selected area diffraction patterns (SADPs) obtained along the
major zone axcs from these and similar silicon rich regions (Figure 3b) consistently
indexed to a cubic B-SiC structure (with a = 0.4359 nmy), thereby confirt.ing the
occurrence of the in-situ reactions outlined earlier. These micron-sized SiC particles were
located predominantly along grain boundaries and triple point regions. In addition, grains
of a molybdenume-rich phase containing minor amounts of iron (region B) were also
detected: EDS analysis indicated that this phase has the approximate formula

(T( | (h10.FC)<SSi}.

Application of in-siru displ

Background Recently, Bowman et al. (25) showed that for fiber-reinforced NiAl, tungsten fibers
provided considerable strengthening but negligible toughening whercas alumina fibers resulted in
considerable toughening and negligible strengthening. They related these differences to the low
interfacial bond strength in the alumini/NiAl case and high bond strength in the tungsten case.
Furthcrimore, they noted that the tungsten-reinforced NiAl was more susceptible to thennal
fatigue due to the large mismatch in CTE between the two materials.

[n-sipe reactions In this case, we have studicd interface modification in both wngsten and
molybdenum-reinforced NiAl via the in-situ rcaction scheimes described above. The initial
attempts were focused on the possibility of alloying the NiAl matrix with a ternary addition
selected to react with the refractory metals of interest, i.e., to forn a reaction product at the
NiAVrefractory metal interface. Ideally, this coating would have an intermediate CTE between
those of NiAl and the refractory metal to reduce the materials susceptibility to cracking during
thermal cycling. In addition, this coating would reduce the interfacial strength and lead to a
tougher composite.

Carbon was selected as a candidate element due to the stabilities of both tungsten and
molybdenum carbides. Preliminary thermodynamic calculations suggest that a low activity of
carbon in the NiAl is necessary for these reactions to be favored (26). Thus, rods of NiAl
alloyed with 1 wt. pct. (3.5 at. pct.) carbon were prepared by non-consumable arc melting,
sectioned, polished and then combined with slices of tungsten and molybdenum to fonm diffusion
couples via a hot pressing operation. The diffusion bonded samples were heat treated at 1300°C
for 2 h under purified argon and then sectioned, polished and examined in a JEOL 733 electron
microprobe. In order to produce partial reaction while avoiding the development of a strong
interfacial bond so that subsequent x-ray diffraction siudies might be performed on the reaction
products, similar reaction studies were performed by placing the polished sections in contact and
heat treating them at 1300°C for 3h without the application of an external load. After this
treatment, the samples were separated and XRD patterns from the molybdenum and tungsten
surfaces were obtained using a Philips APD 3720 diffractometer.

As can be seen in Figure 4 the reaction zone in both the samples is characterized by the
presence of a thin layer at the interface between the NiAl(+C) alloy and the refractory metals.
Compositional data obtained at several points along the reaction layers and also close to the
Inyers on the refractory metal side (Table IT) indicate that the layer in the molybdenum couple
probably corresponds to Mo;C, whereas the NiAI(+C)/tungsten sample contained two reaction
layers. The reaction layer adjacent to the tungsten corresponds to W2C and is continuous along
the length of the interface. The second reaction layer corresponds to WC and is present only at a
few places along the intcrface between the W7C and the NiAl. The compositional analysis in
both refractory metals close to the reaction layer does not show the presence of any dissolved
carbon. This implies that essentially all the carbon that diffuses into the refractory metals reacts to
form the carbide, which is consistent with the low solubility of carbon in these refractory mctals.
XRD patterns obtained from the molybdenum and tungsten surfaces are consistent with the MoC
and WaC identifications (sce Figure 5) whercas, not surprisingly , no evidence of the WC phase
was observed due to its low volume fraction and discontinuous nature.
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Suminary

It is clear from the present study that, as in other classes of matcrials (e.g., alloys), in-situ
reactions can be used as a means of removing undesirable phascs (e.g., SiO3), or forming
desirable phases (e.g., dispersoid phases or interfacial layers) in intennetallic matrix composites.
Clearly, processing will play an important role in defining the resulting microstructures and,
ultimately, the propertics of these IMC's. While only two examples have been presented, it is
clear that are a large range of possible schemes could be conceived using this approach.
Furthermore, this approach is rather general in nature and should be applicable to both metal and
ceramic matrix composites as well. It is emphasized that in order o achicve the maximum profit
from in-situ displacement reactions of this type, an understanding of both the thenmodynamics
and kinetics of the reactions is essential.
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TABLE 1 - EXAMPLES OF POSSIBLE PROCESSING STRATEGIES BASED ON TUE
SCHEMLS OF FIGURE 1

Ir ROUTE MATRIX REINFORCL- IN-SITU FINAL
L MENT REACTIONS | STRUCTURE
| M35c1 | MoSipSi0y,MosSia,C - $102+C — CO+Si MoSi2
M3-C1+C2 | MoSi2,5102,MosSi3,C - Si02+C — Co+Si | MoSi2+SiC
Si+C - SiC
I M2oC3 NIAT+C W WiC — WoC | NAUWZCAV

TABLE II COMPOSITIONAL DATA IN DIFFUSION COUPLE SAMPLES.

Area Ni Al C w Mo
at. pct. at. pct. at. pct. at. pct. at. pct.
A 2.0 0.8 34.1 0 63.6
B 1.7 0.3 0 0 98.5
C 4.7 0.5 26.9 67.9 0
D 4.3 1.9 51.9 43.4 0
[ 0.5 0.2 0 99.3 0
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Figure 1 Some possible topological variations of in-situ reactions in composites processing. Actual
composites may profit from combinations of features exemplified in the right column. See Table 1 for
some examples of proposed processing strategics.

A, B : Elements in solution. ® , ® : Phase containing the particular clement.




Fig. 3a

Frg. 3b

Bright Field Transmission Electron Micrograph of the tvpical microstructure of MoSi?
denved from binary MA MoSi; powder, showing the presence of silica along the grain
boundaries and triple points.

Selected area diffraction pattern from a silica-containing region showing the presence of

the amorphous phase.

.

8B = [011] p-SiC

Bright Field Transmission Electron Micrograph of the typical microstructure of the
carbon-madified MoSi7 processed utilizing the in-sine displacement reactions.

Region Arsatypical in-situ formed [3-SiC particle. Note the absence of silica particles
suchas those found in Fig 3,

Selected area diftraction paticn ol a 3 SiC partcle alons 1 jol
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Fig. 4

Secondary electron images of the interface between NiAl(+C) alloy and the refractory
metals, showing the in-situ formed carbide layers. (a) NiAl (+C)/Mo couple

(b) NiAL (+C)/W couple. (region A is MoC, region B is Mo, region C is WC, region )
is WaC. and region I is W) ‘
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Fig.5. X-ray diffractograms of the refractory metal surfaces in contact with the NiAl (+ C) alloy

for 3 h at 1300°C, showin
(b) NiAl (+Cyyw couple.

g the formation of the carbides. (1) NiAl (+C)/Mo couple
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