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EAC resistance is characterized by a fracture mechanics resistance curve method that
isolates crack propagation. Dynamic rising load tests with edge precracked specimens show
that Beta 21S is susceptible to environmental cracking in aqueous 3.5% NaCI at -600 mV,.
Relative to a moist air crack initiation toughness (K1c) of 67 MPavrm, the threshold for stable
crack growth (IKth) in chloride is as low as 38 MPavrm and fracture occurs by intergranular
separation. KI, is minimized at a crack tip strain rate of order 10-s sec-1 or less, however, the
existence of a sharp minimum is uncertain. While Klc for Ti-15-3 is lower (Kic = 58
MPa~vm) than that of Beta 21S, cracking is unaffected by exposure to NaC1 at several constant
loading rates and intergranular cracking is not observed. EAC is not produced in Ti-15-3 or
Beta 21S by either prolonged (24 hours) constant load exposure or high frequency low
amplitude "ripple loading". Such loading is designed to rupture the crack surface passive film
without inducing process zone volume fatigue damage. Methanol-NaCl-water solution may
chemically destabilize crack surface passivity, but does not embrittle Ti-15-3 in conjunction
with slowly rising load. EAC resistance differences between Beta 21S and Ti-15-3 are
attributed to a higher yield strength and abundant a precipitation on B grain boundaries for
the former alloy. Experiments, to be reported during Year 2 of this three year program, are
in progress to: (a) define the relative importance of alloy strength and a precipitate
microstructure, (b) characterize environmental fatigue crack propagation in each alloy, as
related to monotonic load cracking, (c) establish the effect of applied electrode potential, and
(d) define microscopic crack paths.

Hydrogen environment embrittlement is a possible mechanism for enhanced cracking
in high strength B-titanium alloys. Notched tensile experiments, with varying hydrostatic
constraint levels and electrochemically precharged hydrogen are employed to unambiguously
distinguish the influence of hydrogen on fracture from that of aqueous dissolution, to establish
the HEAC path, and to distinguish intrinsic effects of hydrogen from hydriding in the B-ar
microstructure. Rising load notched tensile tests are conducted at a strain rate similar to that
causing the minimum Kth in NaCI solutions. Hydrogen concentrations ranging from as-
processed levels (50 to 80 ppm) to 3400 ppm were investigated for peak aged Beta 21S.
Neither hydriding of the 3 matrix nor subsurface a precipitates was detected by X-ray
diffraction. However, a distinct increase in the lattice parameter of the BCC 13 matrix was
observed at high hydrogen concentrations consistent with the partitioning of hydrogen to the
B phase. Beta 21S is embrittled by dissolved hydrogen; crack nucleation and growth are
progressively enhanced by higher levels of constraint and hydrogen concentration. These
results suggest the existence of a critical tensile stress - internal hydrogen fracture criterion.
A mixture of two transgranular fracture modes are also observed with increasi:Ig hydrogen
concentration and constraint, cleavage-like and "interplate-transplate". A mixture of these
modes as well as intergranular fracture is observed at the highest hydrogen concentrations
and constraint levels. Intergranular separation is similar to that observed in aqueous
environmental fracture tests, qualitatively confirming the role of hydrogen in the aqueous
EAC case. Abundant a precipitation on B grain boundaries is suggested to have a detrimental
role in HEAC since cleavage cracking is more typically observed for 3 alloys exposed to
hydrogen and stress. Possible roles of grain boundary a include local stress induced hydriding,
or strong hydrogen trapping and subsequent cracking at the a/1 interface. Experiments in
progress now include: (a) defining the exact role of grain boundary ai from the hydrogen
perspective, (b) completing hydrogen embrittlement studies for Ti-15-3 under the identical
conditions for Beta 21S, and (c) determine the fracture initiation toughness (K1c) of both Beta
21S and Ti-15-3 at various internal hydrogen concentrations using dynamic rising load tests.
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Studies of the electrochemistry, passivity, and repassivation kinetics of B3 titanium alloys
have been undertaken to examine the relationships between microstructural-compositional
factors and resulting crack tip chemistry, electrochemical dissolution kinetics, hydrogen
production, and hydrogen absorption. Beta 21S, Ti-15-3, Grade 6 Ti (Ti-6A1-2.5Sn simulating
a precipitates in peak aged B-Ti), and commercially pure Ti do not exhibit major differences
in passivity in neutral 3.5% NaCI, acidified 3.5% NaCI (pH= 1), 5M HCI, and a methanol-
NaCl-water solution. All alloys exhibit a broad passive region under these conditions and no
electrochemically active phases are detected for aged materials. Moreover, cathodic
polarization studies indicate similar hydrogen evolution kinetics. Scratch repassivation
experiments indicate similar bare surface open circuit potentials albeit well negative of the
reversible electrode potential for the reduction of water indicative of high hydrogen fugacities.
Similar repassivation rates were noted for each alloy. Auger electron spectroscopy with
sputter depth profiling indicates a tendency to exclude oxidized Mo from the outer layers of
the passive film for Beta 21S. In contrast a tendency exists for Cr oxidation in greater
proportions than the concentration in Ti-15-3. However, for all alloys investigated a titanium
rich oxide film is observed. The reduced EAC resistance of Beta 21S, compared to Ti-15-3,
therefore can not be attributed to identifiable differences in the passivity or electrochemical
properties of these alloys, at least in simulated crack chemistry solutions. Work in progress
aims at (a) defining crack tip chemistries, (b) examining crack tip repassivation and hydrogen
production rates under potential control in simulated crack environments, and (c) attempting
to define hydrogen absorption under these conditions.

Future work will be aimed at development of a mechanism-based predictive model of
EAC. This will be accomplished by proceeding in each of the specific areas indicated above.
Additionally, other commercial high strength titanium alloys will be investigated.
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HYDROGEN ENVIRONMENT EMBRITrLEMENT OF BETA TITANIUM ALLOYS

Lisa M. Young and Richard P. Gangloff

Department of Materials Science and Engineering
University of Virginia

Charlottesville, VA 22903-2442

Abstract

The hydrogen environment assisted cracking (HEAC) resistance of two peak aged
metastable B-titanium alloys, Beta 21S and Ti-15-3, is characterized by a fracture mechanics
resistance-curve method. Rising load tests with aqueous 3.5% NaCl show that Beta 21S is
susceptible to environmental cracking, presumably due to hydrogen embrittlement. Relative
to a moist air crack initiation toughness (K9c) of 67 MParm with transgranular fracture, the
threshold for stable crack growth (KI,) in chloride is as low as 38 MPa'Im and fracture
occurs by intergranular separation. The magnitude of the reduction from Kic to K, depends
on loading rate; for Beta 21S, K,, is minimized at intermediate crack tip strain rates of order
1IV sec'-.1 In contrast the initiation toughness of Ti-15-3 in moist air is lower (58 MPaiim)
than that of Beta 21S, but is unaffected by exposure to NaCl at several loading rates. HEAC
is not produced in Ti-15-3 by either constant load exposure or by a high frequency low
amplitude ripple load designed to rupture the crack surface passive film without inducing
process zone volume fatigue damage. The poor HEAC resistance of Beta 21S, compared
to Ti-15-3, is attributed to higher yield strength and abundant a precipitation on 8 grain
boundaries for the former alloy. The relative importance of each variable is not known.

Introduction

Metastable beta titanium alloys are being developed for marine, aerospace,
petrochemical and medical implant applications that require formability, hardenability,
high yield strength-fracture toughness and aqueous corrosion resistance [1-5]. The
environmental cracking resistance of these alloys is of particular importance to long life,
damage tolerant performance. Although the stress corrosion, hydrogen embrittlement
and corrosion fatigue behaviors of a and a/B-titanium alloys have been broadly
characterized and modeled [6-81, the cracking resistance of B-titanium alloys is relatively
unexplored.

B-titanium alloys are susceptible to brittle cracking in ambient temperature
neutral aqueous environments with halide ions. Fracture mechanics experiments
demonstrate that early developmental alloys (Ti- 11.5Mo-6Zr-4.5Sn and Ti- 13V- 1lCr-3Al;

]Strain rates in the original paper were in error and are corrected here.
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wt%) and binary model compositions (Ti-Mo), stressed in NaCI and KCI solutions,
exhibit stable crack growth at stress intensities well below Ktc 17,9,10]. Fracture
progresses by both intergranular separation and transgranular "cleavage" or "quasi-
cleavage"; the cleavage plane is {100} [9]. Cracking is exacerbated at intermediate
loading rates (crack tip strain rates) and applied electrochemical potentials (near -600
mVscE), and by increased yield strength (ay, [7,10,11]. These trends were confirmed by
experiments with smooth tensile specimens of a modem B-titanium alloy,
Ti-15V-3Cr-3A1-3Sn [12]. In contrast cathodic polarization is necessary for cracking in
precracked specimens of Beta C (Ti-3A1-8V-6Cr-4Mo-4Zr) stressed in H2S saturated
acidified chloride solution [13].

It is reasonable to attribute cracking of B-titanium alloys in aqueous electrolytes
to hydrogen embrittlement (hydrogen environment assisted cracking, HEAC) because of
the well known hydrogen susceptibility of high strength body-centered cubic steels, and
because both gaseous hydrogen and cathodically precharged hydrogen embrittle B-
titanium alloys [14-16]. The HEAC mechanism for B-titanium alloys in neutral chloride
involves: (a) development of an occluded crack chemistry, (b) coupled crack surface
dissolution, passive film formation and cathodic H production, (c) hydrogen absorption
and diffusion into the crack tip process zone, (d) segregation at microstructural trap sites,
and (e) hydrogen assisted microcracking, probably by decohesion, localized plasticity or
hydride mechanisms. Passive crack surface films should play a central role in HEAC,
with a sound passive film blocking hydrogen production and/or uptake. Variables;
including alloy composition, microstructure, applied electrochemical potential, bulk
electrolyte composition, microscopic slip deformation mode and dynamic cyclic strain;
could compromise the passive film and enhance the uptake of embrittling hydrogen.

Research was initiated to investigate surface passivity and hydrogen production,
uptake, trapping and embrittlement in the crack tip region of high strength B-titanium
alloys [17]. The objective of the work reported here is to characterize the environment
assisted cracking behavior of two modern B-titanium alloys, subjected to dynamic
straining to destabilize crack tip passivity, and employing advanced fracture mechanics
methods.

Experimental Procedure

Two alloys, Beta 21S (Ti-15Mo-2.7Nb-3AI-0.2Si-0.15 0; wt%) and Ti-15-3 (Ti-
15V-3Cr-3AI-3Sn; wt%), were obtained as 10.2 and 9.5 mm thick hot rolled plate,
respectively, in the solution treated conditions (8710C for 8 hours and 8160C for 30
minutes, respectively). Oversized blanks of each alloy were peak aged at 5380C for 8
hours. The resultant microstructures are homogeneous and isotropic in all directions,
and consist of fine a platelets in a B matrix of 100 tm diameter grains (Figs. 1 and 2).
Each alloy is presumed to be stable with regard t.o w and S' precipitation. Future TEM
studies will confirm this and define the morphology of the a precipitates [1-3,5,18].
Hardnesses for this aging condition are Rc 36.9 + 1.3 for Ti-15-3 and Rc 42.5 + 1.3 for
Beta 21S. Based on the aging temperatures and measured hardnesses, the estimated
tensile yield strengths of these alloys are 1025 MPa (Ti-15-3) and 1200 MPa (Beta 21S)
[1,31.2

2Recent measurements establish that the yield strengths are in fact 1315 and 1380 MPa, respectively.
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maintained for all cases reported here. J-integral calculations indicate that Jtotal is
approximated by JIastic; thus elastic K analysis is sufficient. Crack initiation occurred
under dominant plane strain constraint based on the J-integral approach (thickness >
25 Jinitiation/Os), however, the presence of shear lips indicated that the crack propagated
under mixed plane stress and plane strain [19,20].

Fracture experiments were conducted in either moist air or 0.6M (3.5 wt%) NaC1
at fixed electrode potential and 25 *C. The central portion of the edge cracked specimen
was immersed in flowing (60 mil/min) chloride (pH 8, 230C) in a sealed plexiglass
chamber. Environment control was complete; no dissimilar metal contacted the
specimen, all tubing was teflon and the electrolyte was argon deaerated. The specimen
was maintained at constant potential by a Wenking potentiostat in conjunction with a
Ag/AgC1 reference electrode and two platinum counter electrodes, each isolated to
minimize solution contamination.

Results

Ti-15-3 is resistant to HEAC during rising load at various slow displacement rates;
these conditions promote HEAC in ferritic and martensitic steels [15]. K-Aa results are
presented in Fig. 3. The stress intensity at the initiation of crack growth (where Aa first
is first nonzero) represents a threshold for HEAC (Kth), or an environment sensitive
fracture toughness.

100
9009 Ti 15 -3

-Deaerated 3.5% NaCl I
S80 -600 mVSCE

60

50

N 04
m 30

-20-6-J ----e 0 000254 mm/aiunCO

tO +0 00127
-B 0.0254

00 0.2 04 06 08 1.0 1.2 1.1 1,6 1.8 2.0

ad (Mm)

Figure 3: Rising load stress intensity versus crack extension data for Ti-15-3 in moist
air and deaerated 3.5% NaCI (-600 mV.e) as a function of loading rate.

For benign moist air, the initiation toughness (or K1c) of Ti-15-3 is 57 and 59
MPav-m based on replicate experiments. For aqueous chloride at a fixed potential of
-600 mV.., K(, ranges from 61 to 65 MPavmn, independent of actuator displacement rate
varying between 0025 and 0.00025 mm/min. The chloride environment does not
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decrease the crack initiation toughness. For each environment, stable crack extension
(finite dK/d.a) is observed without an environmental influence. The difference in the
slope of the K-la results is larger for the replicate air tests compared to the aqueous
environmental effect; actuator displacement rate does not affect the HEAC propagation
resistance of Ti-15-3. (The variability of the crack propagation results for moist air may
be related to subtle inaccuracies in defining the electrical potential corresponding to
crack initiation. The problem here is that crack tip plastic deformation, microvoid
damage and macrocrack growth can contribute to voltage increases.) Crack growth
bursts are noted for Ti-15-3 specimens at each displacement rate, but only for the
aqueous environment. Discontinuous cracking was most apparent on the plot of crack
length versus time. On the K-Aa plot, bursts are indicated by jumps in crack length
between clustered data points.

Environment did not influence the microscopic fracture morphology for Ti-15-3.
Typical scanning electron fractographs of the crack initiation region, adjacent to the
fatigue precrack, are presented in Fig. 4 for the air and aqueous NaC1 environments.
For each case the crack surface is mainly populated by transgranular features indicative
of microvoid-based cracking, as confirmed by high magnification observation, and
perhaps associated with coarse a precipitates [27]. Scattered facets are present,
indicating limited intergranular microvoid rupture or HEAC.

(a) (b)
Figure 4: SEM fractographs of the fatigue precrack (top) and rising load fracture

toughness crack surfaces in Ti-15-3: (a) air; (b) deaerated 3.5% NaCI.

In contrast to Ti-15-3, Beta 21S is embrittled by aqueous chloride, as shown by
the K-.a data in Fig. 5. While KIc is high (66 and 68 MPa-im) for moist air, Kth values
range from 38 to 51 MPavm for Beta 21S in NaCI at -600 mVsc. The macroscopic crack
growth resistances (average dK/dzaa) are similar for each environment, however, crack
bursts are observed for loading in NaCI. Limited experiments indicate that Kth values
are increased if the specimen is fatigue precracked in moist air compared to the standard
procedure of precracking in NaCl. For example, Klh equals 38 MPavm for precracking
in NaCl and 58 MPav'm for precracking in moist air, each at a constant actuator
displacement rate of 0.0254 mm/min and in NaCI.

Actuator displacement rate affected HEAC of Beta 21S in NaCl. Kth is minimal
at an intermediate loading rate (0.025 mm/min), with higher thresholds for crack

8



initiation at both faster and slower rates. Crack bursting in NaCL is observed for the two
slowest loading rates.

Aqueous NaCl caused a dramatic fracture mode transition. The fractographs in
Fig. 6 show that, while the air crack appears to involve intergranular microvoid fracture
(with limited tear-free facets), the chloride case is almost entirely intergranular with little
evidence of resolvable localized plasticity. This fracture mode transition is consistent
with an environmental effect on fracture resistance.

100 -- I

I0 FBeta 21S
- Deaerated 3 5/ NaCI

S80 -600 mVc

, 70

S60 -

5 0

CA -10 Ai

S~--4--- 00(j254 mm/mm
)20 -- 1--C 00127

o -O--0--0 0127

10 -- 0 0254
----- 0 127

0 _ _ _ _ _ ~ _ I ' I I I I i

0.0 0.2 04 0.6 08 1.0 1.2 1.4 1.6 1.8 2.0

,d a (mm)
Figure 5. Rising load stress intensity versus crack extension data for Beta 21S in

moist air and deaerated 3.5% NaCL (-600 mV.,) as a function of loading
rate.

(a) (b)
Figure 6: SEM fractographs of the fatigue precrack (top) and rising load fracture

toughness crack surfaces in Beta 21S: (a) air; (b) deae-ated 3.5% NaCl.
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Discussion

Fracture Toughness: Moist Air The moist air fracture toughnesses of Ti-15-3 (Kic =
57 to 59 MPavm) and Beta 21S (Kic = 66 to 68 MPavm) are comparable to values
reported for B-titanium alloys at similar yield strengths [25-27]. This agreement suggests
that the K-Aa approach, coupled with DCPD detection of the onset of cracking,
accurately characterizes plane strain fracture toughness in spite of insufficient specimen
thickness compared to the requirement of ASTM Standard E399 (thickness > 2.5[Klc/a %]2).

The fracture toughness of Beta 21S is superior to that of Ti-15-3, particularly
considering the higher yield strength of the former. The higher toughness of Beta 21S
is curious because cracking of Beta 21S in moist air appears to involve grain boundary
fracture. As confirmed in a later section, Beta 21S contains substantial a precipitates on
B grain boundaries, while this microstructure is not observed for Ti-15-3. Lee et al. and
Froes et al. report that Krc is degraded by grain boundary a [26,27]. A mechanism for
this effect is localized plastic deformation in large low strength a plates, resulting in
stress/strain concentrations and microvoid nucleation at a/1 interfaces near 8 grain
boundaries. Large grain size increased both the yield strength and fracture toughness
of Ti-15-3 because of more homogeneous a precipitation resulting in decreased grain
boundary deformation and fracture [28]. Inaba et al. report that tensile strength is
independent of grain size, while elongation increases with decreasing B grain size for
constant a size and distribution [29]. These authors argue that fine B grains suppress
grain boundary fracture. The fracture toughness of Beta 21S may be improved by
thermomechanical processing to eliminate a precipitates at 13 grain boundaries.

Environmental Cracking Resistance The HEAC resistance of Ti-15-3 (Kth = 61 to 65
MPa•/m at a, = 1040 MPa) is consistent with results reported by Rosenberg [4] and
Bania [1]. K~h for this strength level of tempered martensitic steel in aqueous chloride
may be as low as 38 MPavm, but typically equals 65 MPavm, depending on metallurgical
variables (eg., metalloid impurity content) and mechanical variables such as loading rate
or experiment duration [15]. Ti-15-3 may be embrittled by more aggressive hydrogen
producing environments, including NaC1 water with applied anodic or cathodic
polarization and with sulfide additions [7,12,13,15]. Experiments are in progress to
investigate this speculation.

It is hypothesized that B-titanium alloys are embrittled by hydrogen environments
when subjected to loading conditions that continuously destabilize the crack tip passive
film to promot.- hydrogen entry [17]. Ripple loading, or low amplitude high frequency
fatigue cycling, could be effective in this regard [30,31]. An experiment was conducted
with Ti-15-3 in 3.5% NaCI at -600 mVsce. The edge cracked tension specimen was loaded
at several constant K levels with either no superimposed cyclic load, or with a ripple load
characterized by a stress intensity range (aK = Kr,, - Ki,) of 0.8 MPav'm applied at a
frequency of 15 Hz. This AK is well below the measured threshold AK for fatigue crack
propagation in vacuum (aK,h = 4 MPaavm at K,,in/K,, of 0.84 and operationally defined
at a growth rate of 101°i m/cycle) and is consistent with the notion that cyclic loading
could disrupt a crack tip passive film due to high surface cyclic plastic strains (of order
0.1 to 0.5), but should not cause process zone volume fatigue damage because the cyclic
plastic zone size is small (0.02 jum) [32]. DCPD measurements presented in Fig. 7
indicate that the fatigue precrack did not grow during constant load exposure in NaCI
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for six-24 hour intervals of progressively increased constant K levels of 35, 45, and 55
MParm, and with alternating static and ripple loading. (Note the expanded y-axis.
Average crack growth increments of less than 0.05 mm are readily resolvable with the
electrical potential method.) The resistance of this strength level of Ti-15-3 to HEAC
is further established for a wider range of crack tip strain rates.

0.2

Ti 15-3
Deserated 3.5% NaCI

0.1 -600 inm •S

0.0CZ ?
-0.1 -

o Static
* Ripple ( A K=0.8 MPaV'-)

- ---------Boundary for grdwth

-0.2 1 L _. 1 1 I I I 1 1
0 24 48 72 96 120 144

Time (hrs)
Figure 7: Crack length versus time during constant K and ripple loading of Ti-15-3

in 3.5% NaCl at -600 mV,.

The HEAC resistance of Ti-15-3 may be explained by yield strength; higher
strength alloys are genhrally -more susc,.ptible to HEAC [15]. Gagg and T'oloui report
that Ti-15-3, aged at 5100C (a,, = 1200 MPa), is embrittled during slow strain rate
loading of smooth tensile specimens in several chloride solutions [12]. The importance
of ay, is further supported by the observed HEAC of Beta 21S (Kth = 38 MPavrm at a•
= 1200 MPa). KIh for this strength level of tempered martensitic steel in aqueous
chloride is as low as 20 MPavnm and typically equals 36 MPa-'m [15]. The effect of yield
strength has not been systematically determined for B-titanium alloys [11]. Ti-15-3 is
easily hardened to 1300 MPa yield strength by aging at lower temperatures (5000C),
however, the benign environment fracture toughness will likely decrease [1].

As an alternative to the hypothesized effect of ay, the contrasting HEAC behavior
of Ti-15-3 and Beta 21S may be traced to a microstructural mechanism. Optical and
scanning electron microscopy of Beta 21S specimens, underaged for two hours at 538 °C,
reveals a precipitate nucleation and growth primarily on B3 grain boundaries, as shown
in Fig. 8a. Figure 8b shows that a does not preferentially nucleate on the B grain
boundaries of underaged Ti-15-3. For peak age, Ti-15-3 exhibits a homogeneous
distribution of fine a platelets throughout each grain, while Beta 21S exhibits fine
intragranular a plates and grain boundary a. Intragranular a precipitation is promoted
by either post-solution treatment cold work, or by microstructures that are only partially
recovered and recrystallized during solution treatment after hot rolling [33]. The
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differer.-e in solution treatment times, 8 hours for Beta 21S and 30 minutes for Ti-15-3,

may enhance intragranular precipitation for the latter material. As-received Ti-15-3 was

resolutionized (10380C for 2 hours) for full recovery' and recrvstallizatioq. Metallographv

of the underaged condition reveals preferential a nucleation at grain boundaries. Fig. Q,

similar to Beta 21S.

! I -

~2 P. 20 F-M ,

(,a) (b)

Figure 8: Optical micrographs of underaged 3-titanium alloys: (a) Beta 21S showing

grain boundary a nucleation; (b) Ti-15-3 showing predominantly
intragranular a precipitation.

Figure 9: Optical micrograph of resolutionized and underaged Ti-15-3, showing grain
boundary a nucleation, similar to underaged Beta 21S.

It is reasonable to speculate that the Beta 21S microstructure is sensitive to

intergranular ITEAC in aqueous chloride because of the extensive grain boundary a

plates. This low energy fracture path may be preferred due to the formation of a brittle

continuous hydride film. known to form in hcp a-titanium and at ca/B interfaces (5,7,34].

Additionally, localized plastic deformation in the ar phase can result in high stress/strain

concentrations at a/3 interfaces; microcracking could nucleate when such stresses
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interact with embrittling hydrogen that is trapped at these interfaces. The idea that
unrecrystallized titanium alloys exhibit improved stress corrosion cracking resistance was
suggested as early as 1970 by Blackburn et al. [7]. Either cold rolling of Beta 21S prior
to aging, or restricted recrystallization during solution treatment, should provide
intragranular nucleation sites for a precipitates other than 8 grain boundaries. The more
homogeneous microstructure could be resistant to HEAC. This speculation has not been
experimentally confirmed, nor has sufficient research been conducted to unambiguously
define the mechanism for HEAC.

The relative HEAC behaviors of Ti-15-3 and Beta 21S are not explained by
simple expectations of occluded crack solution hydrogen production and uptake. Cr and
V solute in the B3 phase of Ti-15-3 should anodically dissolve and hydrolyze to produce
a more acid crack tip pH compared to Beta 21S which contains Mo and Nb.
Additionally, it is reasonable to expect that Mo should promote crack tip passivity and
hinder hydrogen uptake in Beta 21S. These hypotheses are not consistent with the
measured HEAC resistance of the two alloys. Detailed crack chemistry, passivation and
hydrogen permeation experiments are underway to examine these issues [17].

Loading rate affects the severity of HEAC for Beta 21S. As reported for several
a/B3 and B-titanium alloys including Ti-15-3, embrittlement is maximized at an
intermediate loading rate [7,12,35]. This trend is observed for Beta 21S; Kh is minimal
at an actuator displacement rate of 0.025 mm/min. From the HEAC perspective,
embrittlement is most severe at the loading rate that balances surface film destabilization
(promoted by increased loading rate) with the time necessary for hydrogen diffusion into
the crack tip process zone (promoted by decreased loading rate). The detailed kinetics
of each process are not defined.

HEAC is likely governed by the crack tip strain rate, (decr/dt), a quantity that
is difficult to precisely define. As an approximation for monotonic loading of a
stationary crack in an elastic-perfectly plastic material [32]:

decr/dt = P (dP/dt) [2/(3B2W2Ea X0 )] [a f(a/W)2 ]

where P is load, dP/dt is loading rate, B is specimen thickness, W is specimen width, a
is crack length, f(a/W) is a known geometric term [22], E is Young's modulus, cry, is yield
strength and X. is distance ahead of the crack tip. The problems in evaluating crack tip
strain rate are the distance dependence, the uncertain value of X. within the crack tip
process zone, and the fact that strain rate increases linearly with load to crack initiation.
We assume that the governing crack tip strain rate is the value at K equals Kth, and that
XO equals one blunted crack tip opening displacement (CTOD = K2/2a,,E [32,36]).
Table I shows calculated crack tip strain rates for each experiment with Beta 21S and
Ti-15-3. During the ripple load experiment with Ti-15-3, the average crack tip strain rate
equals 0.2 sec 1 for X. of 0.02 jim [32]. X. is selected to equal the cyclic plastic zone
diameter from the ripple load.

For Beta 21S, the crack tip strain rate is < 10-s sec' at displacement rates where
Klh is lowest. From the literature for high strength Ti-15-3 in 0.2M NaCI at the open
circuit potential (about -500 mV,,), the smooth specimen strain rate for maximum
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embrittlement was reported to equal between 2 x 10.6 and 8 x 10-6 sec' [12]. This value
is on the order of the crack tip result for Beta 21S, however, each strain rate is
sufficiently uncertain to preclude specific conclusions.

Table 1: Crack Tip Strain Rates for Rising Load Cracking of B-titanium Alloys

Alloy/Environment Actuator Displacement Rate Crack Tip Strain Rate'
(mm/min) (sec-)

Ti-15-3/Air 0.0254 3 x 104

Ti-15-3/NaCI 0.0254 2 x 10W

0.00127 2 x 10.5

0.000254 1 x 10-6

Beta 21S/Air 0.0254 2 x 10'

Beta 21S/NaCI 0.127 1 x 10.,

0.0254 4 x 104

0.00127 2 x 107'

0.000254 4 x 10"6

When loaded in aqueous chloride, each B-titanium alloy displayed a strain rate
sensitive crack bursting phenomenon. Because this effect was not observed during stable
crack growth in moist air, discontinuous cracking may indicate that hydrogen diffusion
from the crack tip surface to process zone damage sites is a requisite for discontinuous
crack advance. For Beta 21S, the K-Aa data in Fig. 5a, and the corresponding crack
length versus time data in Fig. 10, show that the resolved crack bursts are pronounced
for the slowest loading rate and are eliminated for the fastest rate. Presumably, loading
rate insensitive dislocation transport does not augment bulk hydrogen diffusion, which
is insufficient to provide embrittling hydrogen above a limiting crack tip strain rate.
Considering the case in Fig. 10, the times between the first (A, crack at Kth) and second
(B) and second (B) and third (E) crack jumps are 4.3 and 6.2 hours, and the jump
distances are 50 Mm (A), 360 jim (B) and over 2000 Mim (E) based on electrical potential
measurements. The last large jump is probably unstable fracture at high K, and is not
relevant to HEAC. The results in Fig. 10 show continuous crack growth at rates of 2 x
104 and 1 x 10-3 mm/min between the ab and bc events. If discontinuous cracking
occurred within these regions, Aawas less than the resolution of the DCPD system, about
25 4m.

Crack burst times and distances can be compared to hydrogen diffusion ahead of
the crack tip. Approximately 70 seconds are required for atomic hydrogen to diffuse a
distance of two blunted crack tip opening displacements (9,4m) at Kth, and 15 minutes
are required for transport to the boundary of the crack tip plastic zone (35 Am based on
finite element analsis L361). (These calculations assume a hydrogen diffusivity in B-
titanium of 5 x 10 cm /sec, with the diffusion distance approximated by 0.5[DHt]1 /2 ,

3Strain rates in the original paper were in error and are corrected here.
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where t is time). The resolved jump distances are much larger than the high hydrostatic
stress region approximated by twice CTOD. Finer scale discontinuous cracking within
the plastic zone may not have been resolved by DCPD measurements. There is no
compelling continuum mechanics explanation for HEAC growth over the entire plastic
zone or beyond because of the reduction in tensile stress between the crack tip (of order
3a, at 2 CTOD) and the plastic-elastic boundary (1.5 to 2a, based on finite element
analysis [36]). Large jumps suggest that the B grain size plays a role in discontinuous
HEAC, perhaps because high stress and local trapped hydrogen concentration must be
exceeded over at least one grain. As an example, 2 hours are required for hydrogen to
diffuse a distance of one grain diameter (100 lm) at a diffusivity of 5 x 10"8 cm2/sec.
(While grain boundary hydrogen diffusion is normally rapid, extensive a precipitates in
Beta 21S may slow hydrogen diffusion and complicate the mass transport analysis.) This
time is not unreasonable compared to the experimental measurements. Exact hydrogen
diffusivities and the time-distance continuity of HEAC in B-titanium alloys must be
determined, and a detailed micromechanical model of process zone hydrogen uptake and
embrittlement must be developed.

215 Beta 21S
Deaerated 3 5% NaCI
Stroke rAe 0.000254 mrm/min

21.0

205

20.0

19.0 •

18.5 A

18 0 - ,

21 23 25 27 29 31 33 35
Time (hrs)

Figure 10: Crack length from DCPD measurements versus time during slowly rising
loading (0.00025 mm/min) of Beta 21S in 3.5% NaCl at -600 mV•..

Conclusions

1. The threshold stress intensity for stable crack propagation in Beta 21S is
significantly reduced by simultaneous slow rising loading and exposure to aqueous
NaC1 at -600 mV,. Crack propagation, presumably by a hydrogen embrittlement
mechanism, involves intergranular separation for chloride compared to grain
boundary microvoid processes for moist air.
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2. The crack initiation fracture toughness and microscopic fracture processes of Ti-
15-3 are unaffected by hydrogen environment exposure for several slow constant
actuator displacement rates, constant load, and a high frequency ripple load
condition designed to destabilize the crack surface film without causing process
zone volume fatigue damage.

3. The moist air fracture toughnesses and chloride environmental cracking thresholds
of Ti-15-3 and Beta 21S are similar to the behavior of tempered martensitic steels
at equal yield strengths.

4. The hydrogen environment assisted cracking (HEAC) susceptibility of Beta 21S
and the resistance of Ti-15-3 are explained based on the high yield strength and
copious a precipitation on p grain boundaries of the former alloy.

5. Dynamic loading rate strongly affects HEAC in Beta 21S; the threshold for crack
growth in NaCl is possibly minimized at a crack tip strain rate of order 10-5 sec'.

6. Crack propagation is discontinuous (50 to 360 prm jumps) for Beta 21S and Ti-15-
3, only in NaCI, suggesting time dependent development of a critical crack tip
process zone hydrogen concentration-tensile stress condition.
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Abstract
The effects of internal hydrogen on the room temperature mechanical properties of the

peak aged beta titanium alloy, TIMETAL 21S, are quantified as functions of stress and strain
state in Bridgman notched tensile bars. Electrochemical precharging of hydrogen into previously
aged material is employed to preserve a fully aged microstructure. Hydrogen effects are de-
coupled from aqueous embrittlement phenomena via mechanical testing ofpre-charged material
in air. Maximum longitudinal stress and plastic strain at maximum load decrease with
increasing hydrogen concentrations ranging from 10-3000 ppm. The decrease is more
pronounced at the higher constraint levels. Fracture path is shown to be a function of hydrogen
concentration and level of constraint. Both transgranular and intergranular fracture are
observed. Intergranular separation is attributed to high levels of hydrogen and constraint and
possibly to preferential a precipitation on grain boundaries. X-ray diffraction analysis of the
failed notched regions detected no evidence of hydride formation in the subsurface a phase.

Introduction
Critical aerospace, petrochemical, and marine applications demand high strength,

formable materials which are resistant to corrosion, stress corrosion, and hydrogen
embrittlement. Modern p titanium alloys are candidates for many such applications due to
their excellent strength, toughness, formability, and resistance to general corrosion [1-5].
Furthermore, titanium's compact surface oxide film limits hydrogen entry and the underlying
/3 matrix has a high solubility for hydrogen [6-7]. However, both model binary beta titanium
alloys as well as early developmental P alloys (Ti-13V-11Cr-3A1) can be susceptible to
hydrogen embrittlement. Shih and Birnbaum have shown that the solution treated beta
alloy Ti-30 Mo is extrinsically embrittled through the formation of the fcc 6 hydride
containing 66 at% hydrogen [8]. Solution treated beta alloys are also intrinsically embrittled
by hydrogen at bulk concentrations well below that required to produce hydriding of the p
matrix [9-10]. Gerberich, et al., have shown a continuous decrease in the fracture stress of
solution annealed Ti-30 Mo containing 20-1800 ppm by weight of hydrogen without the
formation of a hydride [11]. Nakasa and co-workers studied Ti-13V-llCr-3AI and found a
decrease in bending strength for both the solution annealed and peak-aged conditions, again
without detection of hydriding in either the a or p phases at hydrogen concentrations up to
15,000 wt. ppm. A { 100} cleavage plane was identified on flat fracture surfaces in both the
solution annealed and aged conditions. The fct hydride was detected only under extreme
autoclave conditions at hydrogen concentration: of the order of 40,000 ppm [12]. Hydrogen
was also implicated in the aqueous cracking of aged /-titanium alloy Beta-C (Ti-3A1-8V-6Cr-
4Mo-4Zr) [131. In this study, embrittlement was only observed when pre-cracked specimens
were cathodically polarized in H2S containing acidified chloride solutions. Other studies of
a-,0 and metastable /-titanium alloys in aqueous solutions also attribute embrittlement to
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a hydrogen environment assisted cracking mechanism [14-16]. Coincidentally, a {100}
cleavage plane [17] as well as intergranular separation [16,17] are observed. Factors
supporting a time dependent hydrogen embrittlement phenomena for TIMETAL 21S in
aqueous solutions include (a) electrochemical conditions at the crack tip which favor
hydrogen production, (b) a loading rate dependency, (c) and discontinuous crack bursts [161.

Current understanding of the controlling hydrogen embrittlement mechanisms in peak
aged, 0-titanium alloys is insufficient to enable critical, damage tolerant applications [18].
The present research seeks to define the effects of a range of internal hydrogen
concentrations on the room temperature mechanical properties of the peak aged, beta
titanium alloy TIMETAL 21S and to correlate hydrogen assisted fracture paths to those
observed in aqueous, environmentally assisted cracking [16]. Here, electrochemical pre-
charging, near ambient temperature, of previously aged material is conducted to avoid the
complications of hydrogen induced / phase stabilization common to high temperature
gaseous charging studies [19-21]. Mechanical testing of pre-charged specimens is performed
in air, to decouple hydrogen effects from other aqueous embrittlement mechanisms.
Embrittlement is quantified asa function of maximum longitudinal stress, plastic strain at
maximum load, and hydrogen concentration. Hydriding of the a and / phases is investigated
through x-ray diffraction. Metallographic and fractographic features are correlated with
mechanical property data and likely fracture scenarios discussed. Hydrogen assisted fracture
paths are compared to aqueous, EAC fracture modes.

Experimental
Solution annealed, cross-rolled p 21S plate, nominally 10 mm thick was received from

TIMET. The solution treated condition was 871 o C for 8 hours followed by an air cool.
Vendor reported chemistries are given in Table 1. Heat treatment of as-received plate
consisted of an 8 hour age, in air, at 5380 C, followed by an air cool, as recommended by
the vendor. One hour and eight hour aged microstructures are shown in Figure 1. Note
that a precipitates nucleate preferentially on 0 grain boundaries after the 1 hour age but the
a-/3 distribution has homogenized after 8 hours. Hardness for the eight hour, "peak aged"
condition was approximately R, 42 +/-1.2. Yield strengths corresponding to this aging
condition are approximately 1205-1380 MPa [4,22].

X-ray diffraction patterns of solution annealed and peak aged/3 21S plate were taken
with a Scintag automated diffractometer. Copper K-a radiation was continuously scanned
over 30-80 * 2E at a rate of 1 per minute. Figure 2 shows the pure 0 structure of solution
annealed material and the a + /3 peaks in peak aged material. For uncharged material with
a residual hydrogen level of approximately 80 wt. ppm H, a BCC lattice parameter of 0.325
nm was obtained in good agreement with Hayman and Gerberich who obtained 0.3247 nm
for "aged" Ti-30 Mo [23]. Phases such as w or fl' are not detected but further TEM studies
are required to confirm this. Such phases have been observed in Beta C and Beta III alloys
[24].

Aged plate was machined into circumferentially notched tensile bars.
Electrochemical pre-charging of hydrogen was conducted at 90' C, in a solution of l0mnl
sulfuric acid, 1000ml HO and 0.8g sodium pyrophosphate. Machined specimens were
cathodically polarized to 10 mA/cm 2 to promote hydrogen uptake and to provide cathodic
protection (Figure 3) [25]. The method used to vary hydrogen concentration involved
variation of charging time as opposed to charging current density. The rational for this
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approach is two-fold. Firstly, the use of higher cathodic c.d.'s to achieve higher hydrogen
concentrations may exacerbate selective surface spalling of a precipitates which apparently
readily hydride [26]. Secondly, different overall hydrogen levels may be achieved using the
time based approach because of diffusion controlled internal redistribution of dissolved
hydrogen across the sample diameter [12,27]. In future work, thermal stimulation will be
employed to insure homogeneous hydrogen distribution. This point will be discussed further
below. It is important to note that egress of hydrogen while the specimen is exposed to air
is significantly impeded for titanium due to the formation of an oxide film permeation
barrier upon removal of specimens from the charging bath. Results of the hydrogen
charging operations are summarized in Table 2, as analyzed by thermal emission methods
(LECO).

Tensile tests were conducted with an Instron 1362 servo-hydraulic mechanical testing
system in laboratory air at room temperature. Applied load, diametral strain, and time were
continuously monitored with a PC based data acquisition system. Tensile bars were tested
to failure immediately following hydrogen charging, at a constant stroke rate of 1.5 x 102

mm/min. The fracture surface was examined with the aid of a JEOL JXA-840 scanning
electron microscope (SEM).

The effects of constraint on the failure stress and strain were investigated by
employing Bridgman-type, circumferentially notched tensile bars to develop differing levels
of net section triaxial constraint [28]. Constraint levels from 0.52 (0.33 = uniaxial tension)
to 1.03 (2.5 = sharp notch) were investigated. Degree of embrittlement was quantified by
determining the maximum longitudinal stress developed at the centerline of the notched
region and the effective plastic strain across the notch diameter at maximum load [28-30].
Following the procedure of Hancock et. al. [29], maximum load was used as the comparison
point since uncharged bars failed after achieving a maximum load as well as experiencing
a load decrease, while hydrogen charged bars invariably failed at maximum load. The
equations describing the maximum longitudinal stress, effective plastic strain, and degree of
triaxiality are given in Figure 4.

Results
Mechanical Testing

For each constraint level investigated, hydrogen decreases the longitudinal stress
developed at the centerline of the notch at maximum load and the effective plastic strain
across the notch diameter. Both stress and strain decrease with increasing hydrogen
concentration as shown in Figure 5. The hydrogen concentrations reported here were
obtained from a section of each tensile bar near the notch and as such represent an average
concentration for the volume of metal tested. Note that the effect of hydrogen
concentration on applied stress is most pronounced for the notch with the greatest degree
of triaxiality. The present test method does not readily distinguish crack nucleation from
growth. A rising load fracture mechanics method will be employed in future work to define
threshold stress intensities.

Fractography
Fracture mode changes with both hydrogen concentration and level of constraint.

Four distinct fracture modes were observed; microvoid coalescence, two types of
transgranular fracture, and intergranular fracture. Typical fractographs illustrating each
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distinct fracture mode are shown in Figure 6.
At low hydrogen levels, microvoid rupture is the predominant fracture mode as

occurs at room temperature in air. With increasing hydrogen content and constraint, a
second transgranular, fracture mode containing microscopically ductile tearing features of
the size of the alpha precipitates is activated (Transgranular 1). At hydrogen concentrations
on the Order of 3000 ppm and near uniaxial constraint levels, a second transgranular fracture
mode was observed (Transgranular 2). Intergranular cracking was triggered only at
hydrogen contents on the order of 2000 ppm and the highest degree of triaxiality
investigated. Table 3 summarizes the relationship between fracture mode, hydrogen
concentration, and constraint for both the notch edge and the axial centerline.

Inspection of Table 3 a) and b) reveal seemingly contradictory information. The
intergranular fracture mode occurs near the edge of the specimen where the triaxial stress
is lowest according to Bridgman's analysis [28-30]. In contrast, a fracture mode apparently
requiring intermediate fracture energy (transgranular) is observed near the specimen
centerline. However, these results are consistent with a hydrogen concentration profile
which decreases from edge to center. Such a concentration profile was verified through
determinations of the 6 lattice parameter at various depths from the precharged surface.
These results imply a hydrogen diffusion coefficient below 1.3 x 10-6 cm2/sec at 90 'C for
aged TIMETAL 21S since a diffusion coefficient above this value would ensure completely
uniform charging across the notch diameter in 24 hours, assuming diffusion controlled
ingress. Holman et. al., obtained the following relationship for hydrogen diffusion in
solutionized Ti-13V-11Cr-3A1: D = 1.58 x 10-3 exp (-5140 - 300 cal/mole / RT) [31]. This
relationship yields a diffusion coefficient of 1.9x10.6 to 8.4x10-7 cm 2/sec at 90 0 C. Holman's
result is in good agreement with Adler's work on the solution annealed A-Ti alloy Ti-8Mo-
8V-2Fe-3AI which reported D = 8 ± 2 x 10-7 cm 2/sec at 25 * C [32]. It is clear from the
present work that TIMETAL 21S has an apparent diffusion coefficient including a trapping
effect of a precipitates, dislocition density, and other sites, which is significantly lower than
solution annealed 6-Ti alloys.

Despite, the non-uniform hydrogen concentration profile, the results shown in Table
2 point to the possibility of a critical stress - hydrogen concentration failure criterion.
Although, the stress at the notch surface of the high constraint tensile bar is lower than the
stress at the centerline by a factor of 0.59, the hydrogen concentration is appreciably greater.
It is interesting to note that rising load fracture mechanics testing on G 21S in 3.5% NaC1
produced discontinuous crack jumps of distances equal to two p grains (=200,um) over time
periods of several hours suggestive of diffusion controlled hydrogen transport in the fracture
process zones [16]. The radial depth of the intergranular zone shown here was
approximately 900 gsm after charging for 64 hours. Both results independently imply a
diffusion coefficient below 10-8 cm 2/second. Together, these results suggest that
intergranular cracking is no longer favorable when a high hydrogen concentration does not
exists in the fracture process zone over a distance equal to a multiple number of grains.

Detection of Hydride &I-,-rmation
Analysis of XRD data from peak aged TIMETAL indicates a B phase lattice

parameter of 0.325 nm for uncharged material (z75 t 25 ppm), 0.328 for 24 hour charging
(-1400 ± 400 ppm) and 0.331 nm for 64 hour charging (;z2600 ± 800 ppm). Paton et al.
correlated lattice parameter to hydrogen concentration in solution annealed Ti-18 Mo [33].
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They obtained 0.328 and 0.331 nm at 1000 and 2100 ppm, respectively, in good agreement
with the data presented here. No evidence of hydriding of the p phase was found.

Regarding the possibility of hydriding of the a precipitate, x-ray diffraction analysis
was conducted on (a) specimen surfaces, (b) several micrometers beneath the specimen
surface, and (c) at a position as near as possible to the centerline of notched region of the
high constraint, high hydrogen condition. The latter two conditions were achieved by
surface grinding and sectioning, respectively. Neither a nor 0 phase hydride formation were
detected at either (a), (b) or (c). Instead, the peaks normally coinciding with the a
precipitates are observed (Figure 7) except for immediately at the charged surface where
neither the a phase nor its corresponding hydride are observed. Electron microscopic
examination revealed that selective elimination of the a phase was due to spalling of the
near surface a precipitates (Figure 8). Such spalling would be expected based on the
volume change which occurs on hydriding [8]. To coiJirm the notion that surface a could
be hydrided under the electrochemical conditions used here, commercially pure Ti was
charged under identical conditions used for p 21S. Hydride formation was indeed confirmed
by XRD. A spectra of a hydride powder is shown in Figure 8 along with the hydrided
Grade 2 titanium. To summarize, our current findings suggest that hydriding of a
precipitates occurs at the free surface but that the hydriding of a large volume fraction of
the subsurface a is not prevalent. Instead, internal hydrogen partitions to the p phase.

Discussion
Interpretation of Obsc-ved Fracture Paths

Ductile fracture of uncharged specimens appear to follow void initiation, growth, and
couaescence mechanisms. Large, equiaxed voids are often seen at globular (silicide-
phosphide-type) inclusions which are connected by areas of finer voids oriented
approximately 45 to the tensile axis. As hydrogen and constraint are increased to the
"medium" levels investigated here, a second fracture mode is triggered as shown in Figure
5. This fracture mode, although containing regions which appear microscopically ductile,
occurs with significantly less plasticity than uncharged specimens. The tearing features
suggest that ductile separation of the a/p interfaces has occurred along with some trans-
plate fracture. Hydrogen may segregate to these interfaces as a consequence of coherency
strains or it may simply embrittlk the surrounding p matrix. At similar constraint levels but
higher hydrogen concentrations, the microscopic ductile tearing features disappear aild a
transgranular fracture mode containing small flat regions joined by ledges results. During
this fracture process, the increased hydrogen content may embrittle the p + a structure to a
degree which precludes ductile tearing of a-p interfaces. Instead, transgranular fracture of
the a and 0 phases results with very limited plasticity. Both transgranular modes might be
expected with sufficient dissolved hydrogen based on the literature which reports a
transgranular fracture appearance for both solutionized and aged Ti-15-3-3 as well as Ti-13-
11-3 at room temperature [12,34]. Moreover, for both solutionized and aged Ti-15-3-3 and
"aged and partially resolutionized by dissolved hydrogen" p 21S, the ductile to brittle
transition temperature inherent to bcc metals is observed to increase above room
temperature with dissolved hydrogen [34,35]. Such "lower shelf' behavior has apparently
becn achieved in the present study at 25 *C.

Intergranular cracking, seen in both hydrogen and aqueous chloride testing of aged
TIMETAL 21S [16] appears to occur only at a high degree of triaxiality and hydrogen
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concentration. Preferential a precipitation at f grain boundaries (as seen in Figure 1) may
provide a continuous path for localized hydriding and subsequent fracture. Although bulk
hydriding of the a phase was not detected, it is possible that local hydriding of the a phase
occurred at a/,6 interfaces [36]. Alpha titanium has a relatively small hydrogen solubility
(approximately 80 ppm at 90 "C) [37] and stress assisted hydriding in a and a-# alloys is
well established [38,39]. Hydrogen accumulation at a/o interfaces, which serve either as
trap sites or site for local strain induced hydriding, could result in subsequent fracture along
a-# interfaces. This multiple stage process is consistent with the intergranular crack bursting
phenomena associated with a time for hydrogen accumulation [16]. Moreover, if the
continuous grain boundary a is removed (as in TIMETAL 15-3 which does not exhibit
preferential a precipitation along f grain boundaries) the alloy is immune to EAC in
aqueous chloride testing [ 16]. The absence of intergranular cracking of high hydrogen, high
constraint notched tensile specimens of aged TIMETAL 15-3 will be confirmed in future
work. While intergranular fracture processes may involve local hydriding of the
preferentially nucleated, grain boundary a phase or trapping at a/0 interfaces, it is
important to note that overall hydrogen embrittlement of 6 titanium alloys is not contingent
on bulk a hydriding. Further evidence is the hydrogen embrittlement of solutionized O-Ti
alloys [9-12].

Comparison of Hydrogen Embrittlement and Aqueous EAC Fractography
The high hydrogen, high constraint specimen produced an intergranular fracture

mode which is notably similar to embrittled fracture surfaces produced in aqueous chloride
testing of TIMETAL 21S [16]. Fractography from each type of testing is shown in Figure
10. for comparison. Similarities in fracture mode suggest that the same embrittlement
mechanism may be operative for both types of tests. While fracture comparison is far from
conclusive evidence of this, future work including testing compact tension specimens
precharged with hydrogen, aqueous chloride testing as a function of crack tip strain rate, and
determination of crack tip pH and chemistry, will help support or discount a hydrogen-EAC
mechanism of embrittlement in peak aged A titanium alloys.

Conclusions
Peak aged TIMETAL 21S is embrittled by hydrogen concentrations well below those

required to hydride the p phase. Fracture path is a function of both level of constraint and
hydrogen concentration. Approximate ranking of fracture modes from toughest to most
brittle is: microvoid rupture, transgranular tearing of a-0 interfaces, transgranular fracture
through the a-p microstructure, and intergranular fracture. Intergranular fracture was only
produced at the highest constraint and hydrogen concentrations. Preferential a precipitation
on p grain boundaries is suggested to have a detrimental role on HEAC since transgranular
cleavage cracking is more typically observed for solutionized 6. Alpha precipitates within
the 0 matrix may hydride locally at a/p interfaces although no evidence of this was detected.
Alternatively the a/p interface may serve as a trap site whose strength increases with
increasing hydrogen concentration due to increased coherency strain. The resulting
intergranular fracture morphology in the case of high hydrogen-high constraint, tensile
specimens is similar to that observed in 3.5% NaCI at -600 mV, suggesting a hydrogen
assisted mechanism for the latter.
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Table.1 Vendor reported and ingot chemistries in weight percent.

[Al Nb Si Mo Fe C H O N

Top 3.56 2.58 0.21 15.3 0.06 0.100 1.8 0.133 0.008

Bottom 2.86 2.41 0.27 14.5 0.08 0.011 --- 0.138 0.005

Table 2. Summary of charging times and resulting hydrogen concentrations.

Charging Time Total Hydrogen Comment
Concentration*

As-received 50-100 ppm "Low Hydrogen"

24 Hours 950-1750 ppm "Medium hydrogen"

64 Hours 1900-3600 ppm "High Hydrogen"

"Total hydrogen was measure by vacuum hot extraction methods and includes mobile + trapped H.
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Table 3. Fracture modes of a) near the edge and b) near the center of notched B 21S (aged)
tensile bars at room temperature.

a)

Degree of Constraint

Hydrogen 0.52 0.62 1.03
Concentration
(wt. ppm)

Low Microvoid Rupture Microvoid Rupture Microvoid Rupture*
(50-100)

Medium Transgranular 2/ Transgranular 2/ Transgranular 2/
(950-1750) Intergranular Intergranular Intereranular

High Transgranular 2 Intergranular/ Intergranular/
(1900-3600) Transgranular 2 Transgranular 2"

b)

Degree of
Constraint

Hydrogen Concentration 0.52 0.62 1.03
(wt. ppm)

Low Microvoid Rupture Microvoid + Microvoid
(50-100) Transgranular 1 Rupture

Medium Microvoid + Transgranular 1 + Transgranular 1"
(950-1750) T.ransgranular 1 Microvoid

High Transgranular 2* Transgranular 1 Transgranular i
(1900-3600)

Denotes case which is shown in Figure 6.
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Figure I. Optical Micrographs of TIMETAL 21S aged at 538 O C for a) lhjr anld b) M/rs.
Polarized light, 30ml lactic acid, l1in! HNO3 , 5,nl HF etchant.
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Figure 2 Diffraction patterns of a) solution annealed and b) peak aged TIMETAL 21S.
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Figure 3. Schematic of the Electrochemical Charging Operation.
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Figure 4. Bridgman equations describing the maximum longitudinal stress developed at the
centerline of the tensile bar, the effective plastic strain across the notch diameter and the degree
of triaxiality.

Uy, = 0,[l+ln(-D+l)
4R

ep = 21n Do
D

Degree of Triaxiality = -- -1 + ln(- + 1)
OF 3 4R

ay: Maximum Longitudinal Stress at the Specimen Centerline
aF : Flow Stress

CP : Effective Plastic Strairt Across the Notch Diameter
DO: Initial Diameter Across the Notch
D : Instantaneous Diameter Across The Notch
R : Notch Radius
am: Mean Stress
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Figure 5. Effect of hydrogen on the a) stress and b) strain developed at maximum load for aged
B 21S at room temperature.
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Figure 6. Fracture modes observed in peak aged TIMETAL 21S subjected to differing levels
of hydrogen concentration and constraint. From top left clockwise, microvoid rupture, ductile
tearing of a-B interfaces, transgranular fracture, intergranular fracture.
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Figure 7. Diffraction spectra from a cross section of the high hydrogen, high constraint notch.
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Figure-8a) Electron micrograph of surface damage in 64 hour charged TIMETAL 21S. Note
that the size and morphology of the damaged region is similar to the a precipitate shown in
Figure 1., suggesting the a has hydrided and spalled and b) diffraction spectra from the surface
of a high hydrogen (64 hour charged) specimen.
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Figure 9. Diffraction spectra from a) 6 hydride powder and b) hydrogen charged Grade 2 Ti
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Figure -10. Comparison of a) hydrogen embrittled and b) aqueous EAC fracture morphology.
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CHARACTERIZATION OF THE PASSIVITY OF HIGH STRENGTH
P-TITANIUM ALLOYS IN AMBIENT TEMPERATURE SOLUTIONS

D.G. Kolman and J.R. Scully

Center for Electrochemical Science and Engineering
Department of Materials Science

University of Virginia
Charlottesville, VA 22903

ABSTRACT

In an effort to understand the effect of Mo-Nb as well as V-Cr
additions on the passivity of g-titanium alloys in ambient temperature
solutions, characterization of the passive film on these alloys was
undertaken. DC polarization, electrochemical impedance spectroscopy
and ex-situ Auger electron spectroscopy techniques were utilized in
order to compare peak aged (PA) and solution heat treated (SHT)
samples of 0-21S (Ti- 15Mo - 3Nb - 3AI) and Ti-15-3 (Ti - 15V J3Cr -
3Sn - 3AI) to commercially pure titanium. It was found that there
were no major electrochemical differences between the Mo-Nb
stabilized alloy and the V-Cr stabilized alloy in both the PA and SHT
conditions and that there were no "active" phases present in the PA
alloys. The alloys examined were passive in all of the chloride
solutions examined, including 5M HCI, and no significant effects of
alloying additions on pitting potentals were observed. Cathodic
polarization studies indicate similar exchange current densities for the
hydrogen evolution reaction (HER) on all of the 6-titanium materials.
Because the exchange current density for the HER on Ti is less than
that for the alloying additions, preliminary evidence suggests that the
alloying additions are not incorporated into the oxide in amounts equal
to that found in the alloys.

INTRODUCTION

p-titanium alloys are currently of interest for high strength applications ill
marine environments. They are attractive because of their low density and good
general and localized corrosion resistance. However, one question regarding their
seawater performance is their resistance to environmentally assisted cracking (EAC).
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The EAC resistance of a-titanium alloys in seawater is known to be controlled by the
tendency of the a phase to hydride" . In a + 6 alloys, the p phase has been shown
to have a positive effect on the EAC resistance, plastically blunting cleavage cracks
propagating through the hydrided a phase 3. Little is known about the effects of a
phase in a p-titanium matrix.

In contrast to a-titanium, a large hydrogen concentration (> 10,000 ppmw)
is required for p-titanium alloys to hydride4 . It is unclear whether such levels could
be obtained in 3-titanium alloys following a film rupture event in a marine
environment. Thus, it is unknown whether or not a hydrogen mechanism is involved
in the EAC behavior of these alloys or whether EAC is controlled by an entirely
different mechanism such as slip - film rupture - dissolution or film induced
cleavage 5. In monotonic loading experiments on pre-cracked samples, EAC has been
observed in PA P-21S6. It is plausible that mechanical destabilization of the passive
film plays a role in either promoting dissolution or producing a means for hydrogen
production and entry. These interrelated processes may occur following a film
rupture event, leading to hydrogen production and absorption. Necessary stages
include cation hydrolysis and resulting acidification which both destabilize the passive
film and enhance hydrogen production or hydrogen production solely due to the large
negative potential transient that occurs upon exposure of the bare titanium.

Two G-titanium alloys that are of particular interest are (-21S and Ti-15-3.
Little is known about the electrochemical behavior of these alloys in marine
environments. Therefore, as an initial step in elucidating the EAC mechanism,
characterization of the passivity of these alloys has been undertaken. In order to
obtain the required strength levels, these alloys are precipitation hardened through
growth of an a precipitate with a needle-like morphology. Hence, a goal of this
study is to examine the effect of microstructure on the electrochemical behavior of
these alloys. Both solution heat treated and peak aged materials were investigated.

EXPERIMENTAL PROCEDURE

p-titanium samples were polished to a 600 grit finish followed by degreasing
in acetone. The testing apparatus comprised 1 cm2 area of the working electrode
exposed in a flat cell containing a platinized niobium mesh counter electrode and a
saturated calomel reference electrode (SCE) situated in a well possessing a Lugzgin
capillary.

Polarization measurements were performed with either a PAR 173 or PAR
273 potentiostat at a scan rate of 0.05 mV/sec. All polarization expcriments wkere
performed following exposure to solution for two hours at open circuit.
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Each electrochemical impedance spectroscopy (EIS) experiment comprised ten
individual impedance scans. An initial scan was run at the open circuit potential
followed by nine scans at 300 mV intervals from -0.3V to 2.1V vs. SCE. Each scan
was preceded by a two hour potentiostatic hold at the given potential, except the
open circuit potential scan which was preceded by two hours at open circuit. EIS
measurements were performed with a Solartron 1286 electrochemical interface and
a model 1255 frequency response analyzer. A 10 mV rms AC voltage signal was
applied at frequencies between 100 kHz and 5 mHz using potentiostatic control.
Impedance data fitting was performed with CNLS circuit fitting software7 .

,3-21S was solution heat treated for 8 hours at 871'C (1600'F) followed by an
air cool. Ti-15-3 was solution heat treated for 30 minutes at 816'C (1500°F) followed
by an air cool. Peak aging of both alloys comprised subsequent single step heat
treatment at 538°C (1000°F) for 8 hours followed by an air cool. Commercially pure
grade 2 Ti (a phase) was also examined as a "control" alloy. Further, Mo, Nb, V,
and Cr are known to be p phase stabilizers, while Al and Sn are known to be a
stabilizers. Therefore, grade 6 Ti (Ti - 5 Al - 2.5 Sn) was utilized in order to
simulate the behavior of the a precipitates found in the p3-titanium alloys.

Electrochemical tests performed on the materials utilized five different room
temperature solutions - aerated and deaerated 0.6M NaCI, aerated and deaerated
0.6M NaCI adjusted to pH 1 with HCI, and aerated 5M HCI. 0.6M NaCI solutions
comprised reagent grade NaCl added to distilled deionized water. A second set of
solutions was adjusted to pH 1 with reagent grade HCI. 5M HCI solutions comprised
reagent grade HCI and distilled deionized water. The pH of these solutions is
calculated to be -1.64 when the effect of ClI on the activity of H' is incorporated into
the calculation. Deaeration was performed with commercially pure Ar gas. U.6M
NaCI was utilized in order to model alloy behavior when exposed to the bulk solution
in a marine environment. The pH 1 0.6M NaCI was utilized in order to discern the
behavior of the alloys in a simulated crack tip environment. Although a crack tip
solution has yet to be isolated, a pH 1 0.6M NaCl is considered a rough estimate of
that solution. Aerated 5M HCI was utilized in order to analyze material behavior
under extremely acidic conditions that are perhaps more severe than a crack tip
environment. Gravimetric tests were performed in 9.09 vol% HF at 850C utilizing
reagent grade HF and distilled deionized water.

RESULTS AND DISCUSSION

I)[ I 1 0.6% NaCI Solutions

Representative anodic polarization data are reported in Figures 1 and 2.
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Figure 1 shows the anodic polarization behavior of the six different materials (SHT
& PA 0-21S, SHT and PA Ti-15-3, grade 2, and grade 6) in a particular solution.
Figure 2 reveals the behavior of one particular material in the five solutions (aerated
and deaerated 0.6M NaC1, aerated and deaerated pH 1 0.6M NaC1, and aerated 5M
HCl). It may be seen in Figure 1 that a rapid increase in anodic current density is
observed for each material at approximately 1.4V. This rapid increase in anodic
current density corresponds to the onset of oxygen evolution and is not due to pitting.
This has been confirmed by optical microscopy. Additionally, Figure 1 reveals that
SHT f3-21S has the highest passive current density of all of the materials. This was
found to be true in all of the solutions examined. In contrast, the magnitudes of the
passive current densities of the other materials varied between solutions and were
probably within experimental error.

Figure 1 additionally reveals that the open circuit potentials for all of the
materials are within experimental variability (150mV) for one material. Grade 6 Ti,
which loosely models the a precipitates in the peak aged materials, has a similar
open circuit potential to that of the SHT materials. This indicates that no significant
galvanic cells are present between the e-titanium matrix and the a precipitates in the
PA materials. Further, no increases in anodic current density are observed at
potentials corresponding to the oxidation of alloying additions.

Figure 2 displays the polarization curves for SHT p-21S in the five solutions.
It may be seen that as the pH decreases, the passive current density increases, as
would be expected. It also may be seen that all of the materials were passive with
no observed pitting potential. Additionally, the potential at which the rapid increase
in anodic current density occurs increases with increasing H' content, as predicted
by the thermodynamic relationship between the redox potential and pH. This further
confirms the hypothesis that this current density increase is indeed due to oxygen
evolution and not due to the onset of pitting. Further, no differences are observed
between the aerated and deaerated conditions. This has been observed previously
by others in abrasion experiments'.

EIS is a useful method for characterizing the passivity of materials in-situ. A
proposed circuit model for the electrochemical interface may be seen in Figure 3.
This model includes Cox which represents the space charge capacitance of a compact
non-porous oxide. The model also comprises a double layer capacitance (C,1 ) at the
oxide/solution interface. Constant phase elements are used to better represent the
non-idealities of such capacitances.

An example of the obtained impedance data may be seen in Figures 4a and
h. wkhich show the impedance response of SHT Ti-15-3 in aerated pH 1 0.6M NaCI.
It is seen that as the potential is increased, the low frequency impedance decreases.
Further, as the potential is increased away from open circuit, the emergence of two
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time constants is seen. This occurs until 1.8V is reached, wherein the two time
constants merge again. At these potentials, deconvolution of the data becomes
increasingly difficult. However, it is seen that the impedance response is adequately
accounted for by the proposed circuit model. Good correlation was obtained
between the model and the experimental data as seen in Figure 5.

It was hypothesized that the high frequency time constant was attributable to
the oxide and that the low frequency time constant was attributable to the parallel
RCt/Cd•I combination. In order to confirm this hypothesis, ellipsometric data for
titanium oxide thickness at various potentials in 0.1M HC1 was reported in the
literature6 . Impedance spectra for grade 2 Ti were then obtained at OV, 2V, 4V, 6V,
and 8V vs. NHE. with the specimen prepared in identical fashion to those of the
ellipsometric study. Utilizing a dielectric constant of 100 for TiO,, a good
correspondence between the literature and experiment was obtained for the oxide
thickness, as seen in Figure 6. This confirms the hypothesis that the high frequency
time constant was indeed attributable to the oxide.

Example plots of the interfacial parameters obtained by fitting vs. potential
may be seen in Figures 7a and b. The charge transfer resistance for grade 2 Ti in
aerated pH 1 0.6M NaCl increases with potential until approximately 1.2V
whereupon the charge transfer resistance begins to decrease. The decrease in the
charge transfer resistance coincides with the onset of oxygen evolution, as discussed
earlier. The oxide capacitance is found to decrease with increasing potential. This
is expected, because the oxide thickness, which is inversely proportional to the
capacitance, is known to increase with increasing potential for titanium 9. The oxide
resistance displays no real trend with potential, however this is to be expected as the
oxide resistance is comprised of the oxide resistivity which decreases with increasing
potential and the oxide thickness which increases with increasing potential.

Oxide thickness and resistivity were calculated from the parameters obtained
by circuit fitting. The oxide thickness may be calculated by utilizing the equation

dox e )0 A
Cox

where d,), is the oxide thickness, Co• is the oxide capacitance, c is the dielectric
constant of the oxide. : is the permittivity of free space, and A is the surface area.
The oxide resistivity may be calculated as follows, assuming that it varies linearly with
thickness. From equation 1,

A Cox (2)
dox C C~o

It is known that
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p Rox d (3)

Therefore, substituting (2) into (3), the equation

C Coxo - R0  d:(4)

is obtained.

Figure 7c shows a plot of the oxide thickness and resistivity vs. potential for
grade 2 Ti in aerated pH 1 solution. It is seen that the oxide thickness increases
linearly with increasing potential (approximately 23A/V). This corresponds with
earlier observations for commercially pure titanium in 0.1M HCl9. Additionally, it
can be seen that the oxide resistivity decreases with potential, implying that the oxide
is becomingly increasingly defective. It should be noted that handbook values for
bulk TiO, are listed'0 as being the range of 1013 - 1018 ohms-cm, while calculated
values from experiment yield values in the 107 - 1010 range, depending upon potential.
This discrepancy may be due to the fact that a thin oxide in solution is more
defective than the bulk oxide, the oxide incorporates alloying additions, or both. In
deaerated pH 1 0.6M NaCI solutions, the oxide growth rate was found to be much
smaller, approximately 5.4A/V.

Absolute values for oxide thickness and resistivities can only be calculated for
materials with known dielectric constants. The dielectric constants for both G-21S
and Ti-15-3 are unknown. Therefore, no thicknesses or resistivities are reported
here. However, by independently obtaining the oxide thickness through Auger
electron spectroscopy, a dielectric constant may be subsequently calculated for these
materials. This is an object of future study.

Although the six materials behaved differently in various solutions, some
overall trends may be observed. The charge transfer resistance associated with
passive dissolution is approximately an order of magnitude larger than the oxide
resistance. Therefore, the passive dissolution will be dominated by the charge
transfer reaction and not by charge passage across the oxide. Other findings include
that fact that the charge transfer resistance decreases as the solution pHI decreases,
coincident with an increase in the passive current density. Still further, the charge
transfer resistance has been found to be smaller for Ti-15-3 than 6-21S. This is
curious because the passive current density for Ti-15-3 was found to be lower than
that for p-21S in many cases from DC experiments. This indicates that there is a
change in charge transfer mechanism associated with passive dissolution between the
two alloys, although the exact change in mechanism is unclear.

44



Preliminary Auger electron spectroscopy (AES) data obtained from SHT
samples of Ti-15-3 exposed to aerated pH 1 0.6M NaCI indicate that there is little
or no V and Cr in the outer regions of the oxide. AES data obtained from SHT 3-
21S in the identical solution were inconclusive. Although these studies are
preliminary, it may tentatively be hypothesized that the oxides on fl-titanium alloys
stabilized with either Mo and Nb or with V and Cr contain few alloying additions in
the passive film. This is supported by the similar passive electrochemical behaviors
observed in various solutions. Others have observed similar results on a, a/l3, and
13-titanium alloys"1.

0.6M NaCI Solutions

The behavior of the titanium alloys in neutral 0.6M NaCI was found to be
nearly identical to that observed in pH 1 adjusted solutions. The passive current
densities for all of the materials were lower in the neutral solution than in pH 1.
This was confirmed by impedance measurements wherein the charge transfer
resistances which dominate the polarization resistance and hence the passive current
density were found to be higher. Additionally, the oxide resistances appeared to be
higher for the neutral solutions due to both increased oxide resistivity and increased
oxide thickness.

As in the pH 1 solutions, there appeared to be no discernible difference
between aerated and deaerated conditions. Furthermore, there appeared to be no
significant differences between the oxides on the p-titanium alloys stabilized with Mo
and Nb and those stabilized with V and Cr. However, as in the pH 1 solutions, SHT
,G-21S displayed the highest passive current density of all of the materials examined.
The open circuit potentials, including grade 6 Ti, all were within experimental
variability, again indicating that no significant galvanic couples are present in the PA
materials.

Cathodic polarization scans performed in deaerated 0.6M NaC1 indicated
similar exchange current densities for the hydrogen evolution reaction (HER) on all
of the /-titanium materials, ranging from 2 x 101" to 4.6 x 101 1A/cm2-. Although
these were found to be higher than that found for grade 2 Ti (1 x 10"2 A/cm2 ), the
exchange current densities are far below those found for the HER on the individual
alloying additions. In combination with the AES results and the fact that no
increases in the anodic current density corresponding to oxidation of alloying
additions were observed, it may be hypothesized that there are few alloying additions
incorporated into the oxides of the /-titanium materials.

..\erated 5M [HCI

All of the materials examined were passive in all of the chloride solutions
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examined, including 5M HCI, with no pitting potential observed. The passive current
densities for all of the materials were highest in the aerated 5M HCl, as would be
expected due to its low pH. No significant differences were observed in the passive
electrochemical behavior between the Mo-Nb and V-Cr stabilized materials although
SHT ,3-21S again displayed the highest passive current density of all of the materials.

It may be seen from Figure 2 that the oxygen evolution reaction ceases at
2.2V. It is hypothesized that this is due to increased difficulty in electron tunneling
through the semiconducting passive film which thickens with increasing potential.
This phenomenon was observed in all solutions and on all materials, albeit at
different potentials. Additionally, the computed oxide growth rate for grade 2 Ti was
found to be 16A/V.

It should be noted that the measured passive current densities for the
materials in 5M HC1, the most aggressive solution examined, are five orders of
magnitude too low to solely account for crack growth rates observed 6. Therefore, it
may be concluded that highly localized mechanical destabilization of the passive film
is required for EAC of these alloys, regardless of the exact mechanism.

Good correlation between the proposed circuit model and data was observed
for all of the materials in all of the solutions except 5M HCI. Figure 8 displays the
impedance response of PA 6-21S in aerated 5M HCI at five different potentials. It
mav be seen that additional time constants (i.e. low frequency inductive looping) are
present in the spectra that are not seen in any of the spectra from other solutions.
The origin of this looping is unclear but it appears to indicate a change in the
properties of the electrochemical interface.

Hot HF Solutions

Gravimetric analysis of PA 3-21S and Ti-15-3 in 9.09 vol% HF at 85°C was
performed in order to examine the effects of alloying additions on the dissolution of
the alloys. Two sets of experiments were performed. The first set involved cathodic
polarization at 0.13mA/cm 2 . P-21S, stabilized with Mo and Nb, was found to have
a penetration rate of 5 mils/hr. which was half of that found for the V and Cr
stabilized alloy. Additionally, hydrogen concentrations were found to be higher in
the V-Cr stabilized Ti-15-3 (622ppm) than in the alloy containing Mo and Nb (409
ppm). A second set of experiments was then performed at open circuit. The
penetration rate was again found to be higher in the PA Ti-15-3 (110 mils/hr.) than
in the PA 0-21S (90 mils/hr.). Therefore, it may be concluded that Ti-15-3 has a
higher corrosion rate and hydrogen uptake in this solution.
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CONCLUSIONS

Analysis of the passive film on p-titanium alloys in room temperature solutions
simulating crack tip chemistries possible in marine environments has been
performed utilizing both DC and AC methods. It was found that there are no major
electrochemical differences between Mo and Nb stabilized 6-21S and V and Cr
stabilized Ti-15-3 in their PA and SHT forms, although SHT f3-21S consistently
yielded the largest passive current density in all chloride solutions. Moreover, there
do not appear to be any significant differences between either the model precipitate
(grade 6 Ti) or commercially pure Ti (grade 2 Ti) and the p-titanium alloys. This
finding suggests that there is minimal galvanic interaction in PA materials. No
pitting potential was observed in these alloys in any chloride containing solution
including 5M HCI. EIS experiments conducted with 5M HCI indicated that a simple
two time constant circuit model was not applicable to those experiments.
Furthermore, all of the alloys in this study were found to be passive in all of the
solutions except hot HF and yielded passive current densities that were at least five
orders of magnitude too low solely to account for crack growth rates observed. The
passive film, therefore, must be destabilized in order to account for these crack
growth rates. Further, alloy dissolution was found to be controlled by the charge
transfer reaction. The mechanism of this reaction appears to be different on the
different p-titanium alloys. Hydrogen evolution kinetics, the lack of observed alloying
addition oxidation, and preliminary AES studies tentatively indicate little
incorporation of alloying additions into the passive film. Further, experiments in hot
HF indicated that the V-Cr stabilized alloy had a higher corrosion rate and hydrogen
uptake than the Mo-Nb stabilized alloy.
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Figure I - Representative anodic polarization scans for the six materials
examined in one particular solution (aerated pH 1 0.6M NaCI).
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Figure 2 - Representative anodic polarization scans for one particular
material (SHT 0-21S) in the five solutions examined.
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Figure 4a - Representative electrochemical impedance response of a titanium sample
(SHT Ti-15-3 exposed to aerated pH I 0.6M NaCI) at potentials ranging from open
circuit to 0.6V vs. SCE.
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Figure 4b - Representative electrochemical impedance response of a titanium sample
(SHT Ti- 15-3 exposed to aerated pH I 0.6M NaCI) at potentials ranging from 0.9V
to 2.1V vs. SCE.
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