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3 PLASTIC BEHAVIOR OF AI-Li-X ALLOYS

I
I. ABSTRACT

The major objectives of this program were to characterize

the microstructure, strengthening, deformation and fracture

modes of Al-Li-X alloys with emphasis on determining the

relationships between alloying elements, processing parameters,

microstructure, deformation modes and fracture behavior. In

order to reach these objectives the following tasks were

undertaken. (A) The literature on Al-Li alloys was reviewed

and major problem areas were identified. (B) Since one of the

advantages of Al-Li alloys is their higher modulus, a study was

conducted on the dependence of the modulus on the various types

of precipitates that occur in these age-hardenable alloys. (C)

One major problem area associated with Al-Li alloys has been

their low fracture toughness in the short transverse direction.

The low fracture toughness and ductility in this direction also

appears to cause delamination along the high angle grain

boundaries which are parallel to the processing direction. The

effects of texture, deformation mode, and precipitate free zones

on this phenomenon at both room and cryogenic temperatures were

examined. (D) It has been shown that in order to maximize the

strength-fracture toughness properties of AI-Li-X alloys, cold

S1
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I work prior tc aging is necessary in order to provide nucleation

sites for the strengthening precipitates, to accelerate aging

and to minimize the detrimental grain boundary precipitates and

5 associated precipitate free zones. One alternate method of

accomplishing the same result is to add trace alloy additions.

3 The role that the trace addition plays on the precipitation in

age-hardenable aluminum alloys was examined.

I
I

I
I

I

I
I
I
I
I

I



II. INTRODUCTION

Many alloys derive their strength in part from the

homogeneous distribution of coherent or non-coherent second-

phase particles. Accurate predictions of the yield strengths of

precipitate hardened alloys are based on the well understood

interaction of a dislocation with a particle at the microscopic

level. However, precipitate hardened alloys also exhibit low

ductility and low fracture toughness, features that als' must

depend on the presence of the second-phase particles. This

problem is less well understood.

Age hardenable aluminum alloys in particular may undergo

relatively brittle intergranular fracture at strains from 2 to

10 times smaller than the strain to fracture for pure aluminum.

This phenomenon can be explained in broad terms as follows.

Within a grain, an advancing dislocation either bypasses the

coherent particles it encounters or cuts through them; cutting

reduces the effective size of the obstacle, while bypassing the

obstacle effectively enlarges it. If the obstacles are cut, the

weakened plane will continue to slip and deformation will be

localized. As a result, dislocations pile up at the grain

boundaries at isolated points; the large associated tensions

across the grain boundaries open intergranular cracks that

propagate without absorbing much energy. Slip becomes more

localized as the size of the included particles increases and as

the grain size increases. Aluminum-lithium alloys are

1 3



particularly prone to strain localization because of the

shearable nature of some of the strengthening precipitates and

grain-refining dispersoids, the very sharp deformation texture

that develops in these alloys, and the presence of grain

boundary precipitates and associated precipitate free zones.

This document is our Final Report on Office of Naval

Research Contract No. N00014-85-5-0526 (85-K-0526), "Plastic

Behavior of Al-Li-X Alloys." The major objectives of this

program have been to characterize the microstructure,

deformation, and fracture modes of Al-Li-X alloys with emphasis

on determining the relationships between the alloying elements,

processing parameters, microstructure, and deformation and

fracture behavior. The research results obtained on this

program should aid in the development of Al-Li-X (or other high

strength aluminum alloys) having density, strength, stiffness,

ductility and high temperature combinations needed for high

performance naval aircraft.

I4
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III. ACCOMPLISHMENTS

A. A Review of the Microstructure and Properties of

Aluminum-Lithium Alloys: The advantages to be gained by weight

reduction of aerospace structures have encouraged the aluminum

industry to develop a family of aluminum alloys which contain

lithium as one of the alloying elements. When alloyed with

aluminum, lithium can reduce the density by approximately three

percent and increase the elastic modulus by six percent for

every weight percent added. A new series of aluminum alloys,

typified by 2090, 2091, 8090, and 8091, have been developed and

are currently being produced in commercial quantities. These

alloys have densities between 7% and 10% lower than the

I conventional alloy 7075 with correspondingly higher stiffness.

Although a combined set of specific properties of the Al-Li-X

3 alloys often exceeds those of the conventional aluminum

materials used in aerospace, these properties seem to be much

I more sensitive to processing parameters. The strong processing-

property relationship is associated with sharp crystallographic

textures that are developed during primary processing and very

3 complex precipitate microstructures whose distributions are

sensitive to quench rates and degree of deformation prior to

3 aging. Our review of this topic resulted in the following two

publications which are included in the Appendix:

1. Edgar A. Starke, Jr., and William E. Quist, "The

3 Microstructure and Properties of Aluminum-Lithium Alloys," AGARD

!5



I Lecture Series No. 174, New Light Alloys. North Atlantic Treaty

Organization, 1990, p. 2-1.

2. E.A. Starke, Jr. and H.G.F. Wilsdorf, "New Low Density

3 and High Temperature Aluminum Alloys," presented at the First

Thermal Structures Conference, November 13-15, 1990, University

3 of Virginia, Charlottesville, Virginia. To appear in the AIAA

Progress Series in Aeronautics and Astronautics (1992).

B. Dependence of Elastic Modulus on Microstructure in

3 2090-Type Alloys: The Young's modulus, shear modulus and

Poisson's ratio were determined using an ultrasonic pulse echo

3 technique. Three commercially fabricated aluminum-copper-

lithium alloys and an aluminum-lithium binary alloy were

I examined. The elastic properties were measured as a function of

aging time, aging temperature, amount of stretching and testing

direction. An increase in Young's modulus due to 6' and Ti

3 precipitation has been measured and treated quantitatively

including precipitation kinetics. A significant decrease of

3' about 5% in the modulus of elasticity was found in the peak-aged

condition. This decrease can be attributed to precipitation of

the T2 phase. The shear modulus behaves similar to Young's

5 modulus while the Poisson's ratio remains unchanged. There is

no significant orientation dependence of the elastic properties

3 on testing direction despite the fact that a typical rolling

texture was present. This study resulted in the following

publications which are included in the Appendix:

3 3. E. Agyekum, W. Ruch, E.A. Starke, Jr., S.C. Jha and

1 6
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3 T.H. Sanders, Jr., "Effect of Precipitate Type on Elastic

Properties of Al-Li-Cu and Al-Li-Cu-Mg Alloys," Aluminum-Lithium

Alloys III, ed. by C. Baker, P.J. Gregson, S.J. Harris and C.J.

3 Peel, The Institute of Metals, London, 1986, p.448.

4. M.E. O'Dowd, W. Ruch and E.A. Starke, Jr., "Dependence

5 of Elastic Modulus on Microstructure in 2090-Type Alloys,"

Journal de Physique, Colloque C3, September, 1987, p. C3-565.

1 C. Fracture Toughness and Delamination Behavior of Al-Li-X

5 Alloys: Rolled plate of 2090- and 8090-type Al-Li alloys may

have a tendency to form delamination cracks extending in the

3 rolling direction during fracture. Some authors have suggested

that the delamination phenomena increases the conventional

I fracture toughness due to 'delamination toughening', i.e. the L-

T, L-S and T-S oriented specimens show higher fracture toughness

than S-L and S-T specimens. Moreover, recent research indicates

that the cryogenic fracture toughness in the L-T orientations is

higher than at room temperature and is accompanied by an

3increase in the yield strength, UTS, strain to fracture and

strain hardening exponent. We have investigated the effect of

aging treatment on the fracture toughness of 2090 and 8090 at

j room temperature and liquid nitrogen temperature. The fracture

toughness samples at liquid nitrogen temperature exhibited

5 deeper and larger numbers of delaminations normal to the crack

plane at all aging conditions and in both alloys. Fractography

of the samples reveaied the fracture mechanism to be slip band

3 decohesion at both ambient and liquid nitrogen temperatures.

I7



I However, the transgranular shear band facets were observed to be

consistently wider at 77K. Transmission electron microscopy of

thin foils obtained from fractured tensile samples showed wider

3 slip bands and smaller slip band spacing at 77K. These results

are consistent with the observations made by other researchers

5 who observed higher strain hardening exponents and wider slip

bands with small spacing associated with higher fracture

1 toughness.

5 Our results suggest that the fracture toughness improvement

at liquid nitrogen temperature could be explained by the

3 deformation processes that occur in the Al-Li-X alloys. We

observed that the increase in strain hardening capacity and

I total elongation at 77K is related to wider slip bands and

3 smaller slip band spacings. At 300K where slip localization is

more prevalent, i.e. narrower slip bands and larger spacings, a

5 decrease in the strain hardening exponent and fracture strain

occurs. In notched specimens, such as a compact tension

1 specimen, the crack initiation process is controlled by the

deformation process ahead of the crack tip. For a critical

strain controlled fracture process, the ability to concentrate

5 strain in the slip bands is a critical factor. When slip is

dispersed, such as at 77K, larger numbers of wider slip bands

3 accommodate strain whereas at 300K when slip is localized, fewer

and narrower slip bands acconmodate strain. Thus at 77K, the

critical strain in one of the potential slip bands where cracks

3 initiate is reached at a later stage when compared to that at

1 8
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1 300K. Our first attempt to develop a model to describe this

phenomenon (K.V. Jata and E.A. Starke, Jr., "Fatigue Crack

Growth and FracturG Toughness Behavior of an Al-Li-Cu Alloy",

3 Met. Trans. A. 17A, 1986, p. 1101) resulted in the equation

D s 1/2

K1, = [8 Sin a EoYSW(- ) ]I
I where K1c is the plane strain fracture toughness, a the angle

between the stress axis and the slip band, E is Young's modulus,

Say s is the yield strength, W the width of the slip band, D the

plastic zone size, -I& the critical strain to fracture in the

slip band, and d the slip band spacing. This expression has

3 recently been modified (H.J. Roven and E.A. Starke, Jr.,

"Microstructural Effects on Fatigue and Fracture Behavior at

3 Cryogenic and Room Temperature of an Al-Li 8090 Alloy", to be

presented at the 6th ICM, Japan, August, 1991, and published in

the proceedings of the conference) to the following expression:

I
KC 2 D2 W Oys E)1/2

M tana d2

where D is now the average grain diameter, M the

3 crystallographic orientation factor, and a the average angle

between the macroscopic crack path and the direction of the slip

19
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bands extending from the crack tip. The other parameters are as

described previously. Both of these expressions appear to

describe the experimental results.

We have also examined the influence of precipitate free

zones and variations in the relative misorientations between

grains in the S-direction on the delamination behavior of an

8090-type alloy at cryogenic and room temperature. Two

conditions were investigated, i.e., one condition having a wide

PFZ and the other condition with no PFZ. We used the EBSP

technique in the SEM for micro-texture measurements. Again our

study showed that the tensile, fracture and strain hardening

properties increase as the test temperature decreases from room

temperature to 77K. The delamination behavior could be

characterized by (i) a 'fine delamination' whose spacing depends

on both the aging condition and test temperature, and (ii) a

3 'coarse delamination' whose spacing varied both with aging

condition and test temperature. However, the coarse spacing was

i roughly equal for the two conditions at 77K. The spacing of the

'fine delamination' correlated very closely tc periodical events

of high to low relative misorientations of grains in the S

3 direction, which suggests that the grain boundaries which

represent high misorientations across the grains serve as

3 barriers to the dislocations in the slip bands and thus aid in

the initiation of cracks at the boundaries. The fracture

process of the PFZ-containing condition included slip

3 localization both in slip bands and in the PFZs giving

110



intergranular failure. In the PFZ-free condition the fracture

process was dominated by slip localization in slip bands which

also resulted in slip band decohesion. The latter condition had

better cryogenic properties than the PFZ-containing

microstructure.

This study resulted in the following publications which are

included in the Appendix:

5. K.V. Jata and E.A. Starke, Jr., "Fracture Toughness of

Al-Li-X Alloys at Ambient and Cryogenic Temperatures," Scripta

Metallurgica, Vol. 22, 1988, p. 1553.

3 6. H.J. Roven, E.A. Starke, Jr., 0. Sodahl, and J. Hjelen,

"Effects of Texture on Delamination Behavior of a 8090-Type Al-

I Li Alloy at Cryogenic and Room Temperature," Scripta

3 Metallurgica, Vol. 24, 1990, p. 421.

7. C.P. Blankenship, Jr., H.J. Roven and E.'. Starke, Jr.,

5 "The Fracture and Fatigue Behavior of Al-Li-X Alloys," Fatigue

90, ed. by H. Kitagawa and T. Tanaka, Materials and Component

I. Engineering Publications Ltd, Birmingham, England, 1990, p. 937.

D. The Role of Trace Alloy Additions on Precipitation in

Age-Hardenable Aluminum Alloys: The application of most age-

3 hardenable aluminum alloys requires that they have both high

strength and fracture toughness. Studies have shown that this

i is best accomplished when the strengthening phases are fine and

uniformly distributed throughout the matrix and there is a

minimum of coarse grain boundary precipitates. Often a preaging

3 deformation is applied to promote nucleation of the

311



I strengthening phases by providing nucleation sites in the form

of dislocation structures. The preaging deformation also

affects the aging kinetics in such a way that the time at the

3 aging temperature can be reduced which reduces the volume

fraction and size of the deleterious grain boundary

I precipitates. For some alloy systems and/or product forms a

preaging deformation is impractical and other methods must be

utilized. In many aluminum alloys trace element additions may

3 stimulate nucleation of finer dispersions of strengthening

precipitates. Such potential benefits have been known for many

3 years although there is no consistent theory to explain the

effects of such additions to aluminum alloys.

I We have reviewed the literature on this topic and have

3 conducted our own experiments on the affect of trace element

additions on precipitation in aluminum alloys. The results of

I this task confirms that trace element addiLions in aluminum

alloys can have a profound effect on the rates at which

I precipitates form. Also, the effect on nucleation rates is not

due to a single mechanism but involves augmenting severalI
heterogeneous sites in the matrix simultaneously. One of the

3 primary mechanisms associated with the trace element effects in

Al-based alloys is that the trace elements first precipitate out

I early in the heat treatment cycle as elemental, or as binary or

ternary precipitates (depending on the alloy systems) and these

precipitates in turn act as the potential heterogeneous

3 nucleation sites for the intermediate phases of interest during

112
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i the aging heat treatments. This can allow the bypass of one or

more metastable precipitates and thus a more rapid decrease in

the supersaturation.

3This is demonstrated in the role of In in Al-Cu-Li based
alloys together with the earlier results of the trace element

3 effects in Al-Cu-Cd(/In or Sn) and in Al-Cu-Mg-Si (/Ge).

Results show that aging enhancement in alloys containing trace

elements is caused by the preferent1l nucleation of the

3 intermediate phases of interest at numerous fine trace-element.-

bearing precipitates which form at the early stages of the aging

3 cycle.

Trace additions can alter nucleation rates through

I electronic contributions (e/a ratios). In Al-Cu-Mg alloys Ag

additions promote ordering in GPB zones as well as inducing

nucleation of the T phase over the S phase, while the effect of

3Ag in Al-Zn-Mg alloys is to enhance both the nucleation rate, as

well as the stability of ?7' precipitates through modification of

3 the electronic structure. This study resulted in the following

publication which is included in the Appendix:

8. A.K. Mukhopadhyay, G.J. Shiflet and E.A. Starke, Jr.,

3 "The Role of Trace Alloy Additions on Precipitation in Age-

Hardenable Aluminum Alloys," Morris E. Fine Symposium, ed. Peter

K. Liaw, Julia R. Weertman, Harris L. Marcus and Joseph S.

Santer, The Metallurgical Society of AIME, 1990, p. 283.

I
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ABSTRACT

The advantages to be gained by weight reduction of aerospace structures have
encouraged the aluminum industry to develop a family of aluminum alloys which contain
lithium as one of the alloying elements. When alloyed with aluminum, lithium can reduce
the density by approximately three percent and increase the elastic modulus by six percent
for every weight percent added. A new series of aluminum alloys, typified by 2090, 2091,
8090, and 8091, have been developed and are currently being produced in commercial
quantities. These alloys have densities between 7% and 10% lower than the conventional
alloy 7075 with correspondingly higher stiffness. Although a combined set of specific
properties of the Al-Li-X alloys often exceeds those of the conventional aluminum materials
used in aerospace, these properties seem to be much more sensitive to processing
parameters. The strong processing-property relationship is associated with sharp
crystallographic textures that are developed during primary processing and very complex
precipitate microstructures whose distributions are sensitive to quench rates and degree
of deformation prior to aging. This paper describes the processing-microstructure-property
relationships of the new Al-Li-X alloys and focuses on strength, ductility, fracture
toughness, fatigue and stress corrosion properties.

INTRODUCTION

The development of Al-based alloys containing lithium began in Germany in the 1920's"
and was primarily concerned at first with additions of very small amounts of lithium to
Al-Zn-Cu alloys to increase their strength (1,2). However, the development of modern
aluminum-lithium alloys can be traced to the discovery by L4 .ron in 1942 that lithiumI could be a major strengthening element in aluminum-copper alloys (3). Subsequent work by
Hardy and Silcock (4,5) identified the lithium-containing strengthening phases in Al-Cu-Li
alloys and contributed significantly to the scientific understanding of these complex
materials. In the 1950's metallurgists at Alcoa recognized that lithium also increased
the elastic modulus of aluminum and developed the high strength Al-Cu-Li alloy 2020.
Later, metallurgists in Russia (6) developed the Al-Mg-Li alloy 01420 which had a
considerable density advantage over other medium strength aluminum alloys. However,
production problems combined with marginal engineering properties inhibited the widespread
use of these lithium-containing aluminum alloys.

In the early 1970's escalating fuel costs and the desire to develop more
fuel-efficient and high-performance aircraft generated a major interest in materials that
would reduce weight and thereby increase structural efficiency. Reducing the density,
without compromising strength, toughness, and corrosion resistance, has been shown to be
the most efficient way to accomplish this goal (7). Although carbon fiber and boron fiber
non-metallic composites offer a considerable density advantage over all other structural
materials used in aircraft, improvements in the properties of aluminum alloys seemed
desirable due to their relatively low acquisition cost and the aircraft community's
extensive design and manufacturing experience with these materials. Aluminum-lithium alloys
appeared attractive since lithium can reduce the density of aluminum by three percent and
increase the elastic modulus by six percent for every weight percent added (8). These
advantages have encouraged every major aluminum alloy producer in the U.S. and abroad to
develop alloys containing lithium, usually at levels of 2.0 weight percent and higher.
Both ingot metallurgy (I/M) and powder metallurgy (P/M) approaches were used during the
alloy development programs; however, most major advances were made using the former
technique.

Alloy designations and compositions of the new lithium-containing aluminum alloys are
listed in Table 1. Many of these alloys possess good combinations of strength, damage
tolerance and durability, in general are quite weldable, and several have demonstrated
excellent cryogenic and elevated temperature properties. In addition, to those listed in
Table 1, alloys are under development which show improved corrosion resistance and post-
weld properties. One of these, a high strength, weldable Al-5.OCu-l.3Li-0.4Mg-0.4Ag-0.lZr
alloy, Weldalite 049, was developed specifically for cryogenic tanks associated with launch
vehicles (9). The properties of most of the new aluminum-lithium alloys appear
particularly sensitive to small variations in composition and processing. This sensitivity
seems to be associated with the difficulty in maintaining metal quality during casting,
the presence of recrystallization inhibiting elements, and the complexity of the
microstructure after primary processing and heat treatment. As with most aluminum alloys,
microstructural features of importance for property control of Al-Li alloys include: (a)
cast structure, (b) grain structure and crystallographic texture, (c) volume fraction, size
and distribution of insoluble intermetallic particles and grain boundary precipitates and
(d) coherency, volume fraction and distribution of strenathenina nreciDitates.



TABLE 1. Current Al-Li Alloys and Compositions.

Alloy 2090 2091 8090 8090A 8091 X8092 X8192
Alcan and

Alcoa C Pectiney C Pechiney Alcoa Alcan Alcoa Alcoa
E aemnl 816184 418185 May 1985 (Late 1985) 3129185 May 1985 Aug 1985

Si :1.10 0.20 0.20 010 030 010 010

Fe 012 030 030 0.15 050 0 15 0 15

Cu 24.30 1.8.2.5 1 01.6 1.1-16 18-22 05-08 0.4-0.7

Mn 005 0.10 010 005 010 005 005

Mg 0.25 11-19 06to13 0.8-14 0.5-12 09-14 09-14

Ct 005 010 0.1C 005 010 0.05 0.05

Ns - - - - - -

Zn 0.10 0.25 0.25 0.10 0.25 0.10 0.10

Ti 0.15 0.10 0.10 0 15 0.10 0.15 0.15

L 1.9-2.6 1.7.2.3 22-2.7 2.1-2.7 2.4-2.8 2.1.2.7 2.3-29

Zr 0.08-0.15 0.04-0.16 004-0.16 008.0.15 0.08-0.16 006-15 008-1.5

Other: Each 0.05 0.05 0.05 0 05 0.05 0 05

Total 0.15 0.15 0.15 0 15 0.15 0 15

*Numbers Shown Are Either Maximums or Ranges

MICROSTRUCTURE AND DEFORMATION BEHAVIOR

Cast Structure:

Casting problems have been associated with the development of Al-Li alloys since
Alcoa's entry with alloy 2020. Some of these are related to the reactivity of
lithium-containing aluminum alloys and associated safety problems which have nccessitated
the use of modified refractories and degassing procedures, protective inert cover gases
and/or surface fluxes during melting and casting, and special ingot cooling techniques
(some employing organic coolants in place of water). These techniques have minimized the
hazards of casting Al-Li alloys and current work is focusing on improving the quality of
the as-cast product. The "as-cast quality" of ingot depends on both the surface quality,
which determines the amount of scalping prior to further processing, and the internal
structure which determines the processing steps necessary to produce the desired
microstructure-property relationship. There can be, of course, some casting defects which
are impossible to remove during subsequent processing. In addition to having a high
surface quality and a crack-free ingot, the ingot should be free of spherical voids and
blisters and have a medium-fine grain structure, a consistent composition throughout, a
low inclusion and alkali impurity content, and a low gas content (10).

A fine cast grain structure reduces porosity and the tendency for ingot cracking.
Aluminum-lithium alloys have been found to be more difficult to grain refine than
conventional aluminum alloys (11). The difficulty has been partly associated with the
presence of zirconium which is used to control the wrought grain structure, since zirconium
enhances the formation of twinned co!4mnar grains (TCG) (12). Zirconium has beneficial
effects, of course, since it forms the coherent Al3 Zr during ingot preheat which is very
efficient in inhibiting recrystallization without the adverse effects on fracture toughness
that are sometimes associated with large Al1I(Fe,Mn) Si, Al9 Mn3 Si, and Al2 0Cu2Mn3 particles
present in many 2XXX alloys. During normal ingot breakdown, hot working and subsequent
heat treatment, the Al3Zr dispersoids inhibit recrystallization although the cast grains
do elongate in the direction of metal flo,. Consequently, in the final product most Al-
Li alloys are unrecrystallized, and the cast grain structure relates directly to the grain
structure.

Typical grain refining problems include a non-uniform grain size and the formation
of twinned columnar grains (TCG) which not only result in increased cracking during
processing but also reduce the elongation of the final product as shown in Figure 1. The
as-cast grain size correlates well with both the toughness and the stress corrosion
resistance of the final product. A fine as-cast grain size reduces fracture toughness,
and fatigue crack growth resistance, since it minimizes the beneficial crack branching and
the tortuous crack path often observed in larger-grained aluminum alloys. However, a fine
as-cast grain size has been shown to have beneficial effects on the stress corrosion
re!;istance of aluminum-lithium alloys, Figure 2. A reduction in grain size decreases the
slip length and reduces the stress concentrations at grain boundaries thus reducing the
mechanical component of stress corrosion cracking.

Inclusions may originate from the lining of the furnace, the flux, or from the
presence of certain impurities, e.g., iron and silicon. The effect of iron content on the
sL.-:.yh/toughness of alloy 2020 aged to the T8 temper (13) is shown in Figure 3. Molten
metal filtering, fluxless or inert gas casting, and high purity starter materials are
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Figure 3. The effect of ir n content on the strength/toughness relationship of 2090 (From
Ashton et al., reference 1-.

common methods used to minimize inclusion problems. Besides the well-known relationship
between inclusion content and fracture toughness, a high silicon content is believed to
have a detrimental effect on the corrosion properties of Al-Li alloys (14). For
compositions containing greater than 0.08 wt.% Si, the equilibrium AlLiSi phase forms upon
solidification and is retained through all subsequent thermal mechanical treatments. Thisphase serves as an active nucleation site for surface pitting upon exposure to salt water,and greatly diminishes the material's resistance to stress corrosion cracking.I
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Precipitate Structure, Deformation Behavior and Fracture:

Al-Li: When binary Al-Li alloys containing more than 1 wt.% lithium are quenched from
the single-phase field and aged at a temperature below the solvus, homogeneous
precipitation of the metastable ordered phase 6' (A13 Li) occurs. For alloys containing
more than 1.7 wt.% Li it may be impossible to suppress 6' formation during quenching even
when using ice water as the quenching medium (15). These precipitates have an L12 type
superlattice structure, a spherical shape, and a cube/cube orientation with the aluminum
matrix (16,17). High temperatures and/or long aging times at normal aging temperatures
result in the heterogeneous precipitation of the equilibrium 6 (AlLi) phase at grain
boundaries and other planar interfaces. These precipitates consume lithium from the
surrounding region and produce a lithium-depleted precipitate-free-zone (PFZ) adjacent to
the grain boundary. The microstructural features just described are shown in the
transmission electron micrographs (TEM's) of Figure 4a. In commercial Al-Li alloys that
contain zirconium the small (= 50 nm) coherent, ordered Al3Zr dispersoids that form duringthe ingot preheat are isostructural with Al3Li and can act as nucleation sites for these
precipitates. These composite precipitates are often observed coexisting with the
homogeneously nucleated 6'. Although the 6' precipitates can be sheared by moving
dislocations, Figure 4b, they impede their motion and, consequently, greatly improve the
strength over that of unalloyed Pluminum. During artificial aging the 6' precipitates
coarsen but retain their coherency and spherical morphology to relatively large sizes (>50
nm). A change in deformation mode from shearing to Orowan looping does not occur during
practical heat-treatment times and temperatures.

When the 6' precipitates are sheared by dislocations during deformation, their
strengthening effect is reduced as both the degree of order and the precipitate size on
the glide plane is reduced when the precipitate is sheared. Although dislocations move
in pairs (superdislocations) in order to minimize the creation of antiphase domain
boundaries in the 6', their shearing results successively in a local decrease in resistance
to further dislocation motion, a concentration of slip into intense shear bands, Figure
5 (15), and a reduction in ductility and fracture toughness. Cassada et al. (18) have
shown how the deformation can be homogenized and ductility improved by the addition of
non-shearable precipitates. Since PFZ's are weaker than the precipitation-hardened matrix
they can also lead to strain localization, thus further lowering the ductility and fracture
toughness. This adverse effect is enhanced by the presence of the coarse grain boundary
precipitates which ray fracture or act as stress risers and preferential sites for
microvoid nucleation and growth. Because of the severe strain localization effects-
associated with 6' and PFZ's, all aluminum alloys containing lithium that are being
developed for commercial use contain other alloying elements in order to modify the
precipitate types and sequences and thereby develop acceptable combinations of strength
and toughness.

4f 1o .j 0$ n.

Figure 4. TEM's of an A]-.Li alloy aged 24 h at 363K: (a) Bright-field image showing AlLi
in the matrix, AlLi at grain boundaries P.nd vFZ. (b) Dark field image showing the shearing
of Al3Li that occurs during aeformation.

Figure 5. TEM showing intense shear bands in an Al-Li binary alloy.
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U Al-Li-Mg: The effect of magnesium additions on the phase equilibria of Al-Li alloys
has been reported by a number of investigators (6,19,20). Magnesium decreases the
solubility of lithium in aluminum at all temperatures below about 4250C (21). Similarly,
the solubility of magnesium in aluminum is drastically reduced by the presence of lithium.
Beyond the region of solid solution, in Al-Li-Mg ternary alloys with compositions close
to the Al-Li binary, the decomposition of the supersaturated solid solution occurs via the
6' to 6 precipitation sequence. However, as the composition of the ternary alloy is varied
from the Al-Li binary towards the Al-Mg binary by increasing the magnesium to lithium
ratio, the phase that is in equilibrium with the a solid solution changes from 6 to
A12MgLi. When supersaturated Al-Li-Mg alloys of practical interest are aged at
temperatures below about 2400C, the precipitation sequence occurs as follows:

ass - am + 6' - am + 6' + Al2MgLi - ae + AI2MgLi
where a %-, and ae, refer to the supersaturated, the metastable and the equilibrium a
solid solutions, respectively.

The 6' phase that forms in Al-Mg-Li alloys is similar to that which occurs in the
Al-Li binary. Al.MgLi has a cubic a-Mn crystal structure and forms as rods along the <110>
directions of the matrix (20). This phase is incoherent with the matrix, and nucleates
predominately along the grain boundaries, dislocations and other structural
inhomogeneities. Consequently, it does not contribute to precipitation hardening. AlLi
is the only phase responsible for the strength of Al-Li-Mg alloys, with the magnesium
contributing to some solid solution hardening (22). Therefore, the deformation behavior
is coarse-planar, similar to that which occurs in Al-Li binary alloys, and the extensive
strain localization that develops during deformation leads to premature failure. The
lithium-rich Al2MgLi phase that precipitates along grain and subgrain boundaries results
in the formation of 6' PFZ's during prolonged artificial aging. As discussed previously,
these zones, and their associated coarse grain boundary precipitates, have deleterious
effects on ductility, fracture toughness, and possibly corrosion resistance (19).

Al-Li-Cu: The addition of copper decreases the maximum solid solubility of lithium

in aluminum at all temperatures (5). Copper in solid solution does not influence the basic
character of the 6' precipitation reaction (23), but it does introduce additional
beneficial precipitation reactions that occur independent of the 6' reaction. The natures
of the metastable and equilibrium phases that form within this alloy system have been shown
to be dependent on the Cu:Li ratio and the aging temperature (5). For example, during
aging at temperatures typical of commercial aging practices (1200 to 2000C) the
decomposition of the solid solution in a 2090 type alloy (Al-2.2Li-2.7Cu-0.12Zr) results
in the formation of the metastable 6' (Al2Cu-the primary strengthening phase in Al-Cu
alloys) and the equilibrium T, phase (A,2CuLi)(5,24,25). Al2Cu has not been observed for
Cu:Li ratios less than approximately 1.3. A12Cu has a tetragonal crystal structure and the

precipitates form as platelets parallel to the (100) planes of the matrix. T, has a
hexagonal crystal structure with a = 0.497 and c = 0.934 nm and also forms as thin
platelets but with a (111) habit plane. In commercial Al-Li-Cu alloys such as 2090, T1 is
the predominant copper bearing strengthening phase present after artificial aging to thenear peak strength condition, although 61 may be present to a lesser degree. Figures 6a
and 6b are TEM's of a 2090-type alloy showing the complex precipitate structure after aging

*to peak strength.

Both T, and 8' nucleate heterogeneously on dislocations and low angle grain
boundaries, and other substructural features. Al3Li normally is the first precipitate that
forms during the aging of Al-Li-Cu alloys having compositions of commercial interest.
Subsequent precipitation of T, and 9' may reduce the volume fraction and alter the
distribution of 6' since T, incorporates lithium and artificial aging may result in some

I

I

Figure 6. TEM's of the 2090 alloy solution heat treated showing a complex precipitate
structure tnat includes e', Ti, 6', and Al3Zr (P'). (a) Bright field, (b) dark field.
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reversion and reprecipitation of 6'. Although Noble and Thompson (24) and Gregson and
Flower (26) have suggested that growth of the T, platelets is sustained by lithium from
solid solution rather than dissolution of the 8' particles, Sanders (27) has clearly shown
that during growth the T, precipitates cut through the 6' precipitates and may consume
them, Figure 7. Reducing the volume fraction of 6' is beneficial in reducing the degree
of strain localization (15).

Al3rt from the metastable 0' and equilibrium T, precipitates, the addition of copper
also introduces another copper-containing phase, T2, having the stoichiometry of Al6CuLi3
(5) which nucleates predominately on high angle boundaries. Electron (28-31) and x-ray
diffraction (29) analyses of this phase provide strong evidence thait T2 displays five fold
icosahedral symmetry. The formation of the T2 phase particles (which are richer in lithium
than 6') along the grain boundaries lead to the development of 6' PFZ's adjacent to these
boundaries, Figure 8, with concomitant reduction in ductility and fracture toughness.
Cassada et al. (30) have shown that in 2090-type Al-Li alloys the T2 phase is stable over
the temperature range of 170 0-5200C. Consequently, grain boundary precipitation of this
phase should be anticipated in products that are slowly cooled or aged at temperatures
above 170 0C.

Early work by Price and Kelly (32) on Al-Cu single crystals aged to precipitate 0'
indicated that 0' was not sheared but was looped and bypassed by moving dislocations in
accordance with the Orowan model of strengthening. However, Starke and Lin (33) clearly
showed that when the Al-Cu-Li alloy 2020 was aged to peak strength, where both el and 6'
were present, deformation occurred by coarse planar slip. Huang and Ardell (34) obtained
indirect evidence that T, is looped and bypassed by glissile dislocations, confirming an
earlier suggestion by Sainfort and Guyot (35). The former authors aged an Al-Li-Cu alloy
to produce 6' and T, and then applied a reversion treatment to eliminate 6'. However, Jata
and Starke (36) showed direct evidence of T, shearing in an Al-Li-Cu alloy which also
contained 0' and 6' precipitates. Howe et al. (37) used high resolution electron
microscopy to study the structure and deformation behavior of T1 plates in an Al-2Li-lCu
alloy and showed conclusively that T, plates are cut by dislocations during deformation and
that such cutting leads to a disruption of nearest-neighbor bonding in the plates.
Shearing of T, and 0' when 6' is present may result from the superdislocations associated
with 6' having a pileup force sufficient to shear these partially coherent precipitates.

Figure 7. Dark-field micrograph showing Tl precipitates cutting through and consuming
Al3Li precipitates (Courtesy of T.H. Sanders, Jr.).

0 2 2 
O il1
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Figure 8. Micrographs illustrating grain boundary precipitates and associated PFZ: (a)

Bright-field micrograph with T2 grain boundary precipitates with five-fold diffraction
symmetry arrowed. (b) AI3Li dark field showing the location of grain boundary and grain
boundary precipitates (Courtesy of W.A. Cassada).
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Although both e' and T, may be sheared in the presence of 6', they do appear to
decrease the extent of strain localization that occurs in binary Al-Li alloys. The
resistance that a shearable strengthening precipitate offers to a glissile dislocation
depends on a number of factors which include the coherency strain field, the interfacial
energy, the internal structure of the prejipitate, etc. For ordered precipitates, such
as 6', the strengthening mechanism associated with the internal structure is reduced by
shearing. The small lattice misfit (-0.18%)(16) and the small interfacial energy (180
ergs/cm ) (38) between 6' and the matrix suggest that these strengthening mechanisms are
not important for 6'. However, the much larger misfits and interfacial energies between
9', T, and the matrix suggest that these strengthening mechanisms do operate when these
precipitates are present. Neither strengthening mechanism is as effectively destroyed by
particle shearing as is order strengthening and, therefore, the tendency for strain
localization by work softening on the glide plane is reduced when a' and Ti are present.
The alloy Weldalite may be used to illustrate the effect of 6' and T on the deformation
behavior of Al-Li-Cu alloys (39). Weldalite-T3 is characterized by line GP zones and 6'
particles and deforms by intense localized planar slip, Figure 9a. When aged to the T8
temper, T, is the only strengthening phase and deformation is more homogeneous, Figure 9b,
indicating that there is no significant loss in strength on the slip plane during
deformation (39) and supporting the contention that T, is difficult to shear in the absence
f 6'.

Al-Li-Cu-Mg: When magnesium is added to A?-Li alloys containing copper, matrix
precipitation of S' (Al CuMg) occurs. The exact nature of the phase equilibria of the
quaternary Al-Li-Cu-Mg alloys depends on the relative concentrations of all three alloying
elements. For example, the addition of small amounts (0.5 to 1.0 wt.%) of magnesium to
a high copper alloy such as 2090 suppresses the formation of 0' and introduces the S' phase
(40). Since S' contains no lithium, 6' precipitation is not markedly influenced by the
magnesium addition and T, remains the dominant secondary phase in such an alloy. For
alloys such as Al-3Cu-l.6Li-0.8Mg little or no 8' forms and there appears to be equal
amounts of T and S' (40). In higher lithium - lower copper alloys such as 8090, S', which
precipitates with 6' and a small amount of T,, becomes the dominant Cu-bearing phase
(26,41). As the magnesium to copper ratio is progressively increased, the precipitation
of T, is fully suppressed and S' becomes the primary Cu-bearing strengthening phase. This
is the case for 2091 which has a nominal composition of Al-2Li-2.2Cu-l.5Mg-0.8Zr (42,43).
When the concentration of magnesium exceeds that of copper the Al2MgLi phase may
precipitate in addition to S' (44).

The S' phase has an orthorhombic crystal structure (a = 0.405 nm; b = 0.905 nm; c'=
0.72 nm) and forms initially as rods or needles aligned along the <100> directions in the
matrix. The precipitates are partially coherent with the matrix and show a strong tendency
for heterogeneous nucleation along matrix dislocations, low angle grain boundaries and
other structural inhomogeneities, Figure 10. However, unlike the case of T precipitation,
the heterogeneous precipitation of S' does not result in PFZ's along either low or high
angle grain boundaries. A T2-type phase (possibly Al6Cu(LiMg)3) has been observed on grain
boundaries of 8090-type alloys and, similar to such precipitation in Al-Li-Cu alloys, it
does result in PFZ's. The combination of these microstructural features may lead to low

ductility, fracture toughness, and corrosion resistance although the presence of S' in the
matrix certainly minimizes these effects. Crooks et al. (45) and Crooks and Starke (40)
have clearly shown that when S' is present in Al-Li-Cu-Mg alloys strain localization is
suppressed indicating that the precipitate is not sheared by glissile dislocations. These
observations were later confirmed by Gregson and Flower (26). The S' precipitates do not
have densely packed slip planes parallel to the matrix slip planes and are, therefore,
unlikely to be penetrated by dislocations (26).

A schematic representation of the various phases found in basic as well as the more
complex Al-Li-X systems that encompass modern Al-Li alloys is shown in Figure 11.

k 24

I

Figure 9. TEM showing deformation behavior in Weldalite (a) aged to the T3 temper, (b)
aged to the T8 temper after 2% plastic strain.



Figure 10. Dark field TEM showing 6' precipitation on matrix dislocations and low angle
boundaries in an Al-2.7Li-l.5Cu-lMg-0.15Zr alloy.
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Figure 11. A schematic illustration of the precipitate phases that form in Al-Li-X alloys
(from Narayanan and Quist).

EFFECT OF PROCESSING ON MICROSTRUCTURE DEVELOPMENT AND PROPERTIES

As mentioned previously, the first Al-Li-X alloys that were developed for

commercialization suffered from low ductility and fracture toughness. These problems were
primarily associated with strain localization and grain boundary precipitates, and alloying
additions and processing methods were selected to minimize these problems. A variety of

production methods, including rapid solidification and powder metallurgy consolidation,
mechanical alloying, and ingot casting have been used for the development of the new Al-Li
alloys. Rapid solidification and mechanical alloying were used as a means of reducing the
grain size and extending solid solubility; however, ingot casting has proven to be the
most feasible method for the production of large plate and extrusion products and is being
used for the alloys that are currently in commercial production. However, powder
metallurgy methods, including mechanical alloying, may offer advantages for certain product
forms such as forgings.

Processing begins with homogenization to reduce segregation, remove the low-melting
nonequilibrium phases, and thus improve workability. This thermal treatment also serves
to precipitate the dispersoid-forming elements, such as those containing zirconium, so that
they may perform their role of grain control during subsequent processing. One must be
very careful in going to the final homogenization temperature to ensure that the
low-melting phases are dissolved before their melting temperatures are reached. The
atmosphere used in the homogenization treatment should be relatively dry in order to
minimize oxidation and hydrogen pickup. One also needs to be concerned about lithium loss
from the surface (46). The homogenization treatment is followed by hot working for ingot

breakdown and shape change to the appropriate product form. The wrought product is then



solution heat treated, quenched, possibly worked, and aged to develop the desired
microstructure. The temperature, amount of deformation prior to aging, etc., depend on
the alloy composition and the final microstructure and properties that are desired.

* Density and Elastic Modulus:

Lithium is the lightest metallic element and, with the exception of beryllium, is the
only metal that both increases the modulus and reduces the density when alloyed with
aluminum. Although the presence of heavier elements such as copper will somewhat offset
the density advantage afforded by lithium, the overall reduction in density achieved will
still be dominated by the amount of lithium added (47), Figure 12. Several investigators
have developed empirical equations to predict alloy densities from known composition. One
such formula by Peel et al. (41) is as follows:

Density (g/cc) = 2.71 + 0.024%Cu + 0.018%Zn + 0.022%Mn - 0.079%Li - 0.01%Mg - 0.004%Si.

In this equation the elemental concentrations are expressed in weight percent.

The modulus enhancement of aluminum by lithium additions is due to both solid solution
effects as well as to the precipitation of lithium bearing compounds, and will change
relative to both the amount of lithium added and the prior thermal treatment (48,49).
Copper has a slight beneficial effect and magnesium a slightly negative effect on the
modulus of aluminum (50,51). Recent studies by O'Dowd et al. (52) for 2090-type alloys
and Broussaud and Thomas (53) for Al-Li binary alloys have shown that a maximum in modulus
occurs just prior to the peak strength condition, Figure 13. Using the law of mixtures
and a modulus for aluminum of 80.7 GPa O'Dowd et al. calculated a modulus for 6' of 97 GPa
and a modulus for T, of approximately 350 GPa. They observed a sharp drop in modulus with
the precipitation of the icosahedral T2 phase. Their data suggested that T2 has an
extremely low intrinsic modulus and is very detrimental to the elastic properties of
Al-Li-Cu alloys. Figure 14 shows a comparison of the modulus of elasticity of several
Al-Li-X and baseline aluminum alloys (54).
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Figure 12. A comparison of densities for several Al-Li and conventional alloys (From

Wakeling, reference 54).
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Figure 13. Young's modulus versus aging time at 1900C for an Al-2.3lLi-2.24Cu-0.16Zr
alloy. Precipitation occurs as indicated on the figure (From O'Dowd et al., reference 52).
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Figure 14. A comparison of Young's modulus for several Al-Li and conventional alloys (From
Wakeling, reference 54).

Grain Structure and Crystallographic Texture:

Starke and Lin (33) showed that grain structure and texture can have a significant
effect on the ductility of aluminum-lithium alloys. They related the poor ductility and
fracture toughness of a 2020 alloy plate product to a partially recrystallized structure,
very large recrystallized grains, and a high volume fraction of large inclusions. They were
able to significantly improve the ductility of 2020 by thermomechanical treatments that
produced either a completely recrystallized structure with small recrystallized grains or
a completely unrecrystallized structure with a sharp deformation texture. Subsequently,
Lin (55) showed that when PFZ's are present the grain aspect ratio of the recrystallized
grains also has a major effect on the deformation behavior and fracture mode.

For alloys that deform by planar slip and/or have roft PFZ's, e.g., 2020, large
recrystallized grains result in long slip lengths which produce large stress concentrations
at grain boundaries and enhancc low-energy intergranular fracture. Deformation is
localized within the PFZ only when this region is favorably oriented for slip. This is
always the case for equiaxed grains but occurs with less frequency for elongated grains
when the stress axis is parallel to the long grain dimension. Grain boundary
misorientation, i.e., texture, also plays a role in determining slip length and type of
fracture. Grain boundaries can be a major barrier to slip if the misorientation is large,
which is the usual case for recrystallized aluminum alloys. However, grain boundaries may
not inhibit slip if the misorientation is small, e.g., for unrecrystallized materials with
sharp deformation textures (56) (this is the situation for most Al-Li alloy products).
The deformation process, i.e., the operative slip system(s), strongly depends on the
crystal orientation. Shape accommodation, due to the constraint of material flow, varies
with the crystal orientation and the misorientation between adjacent grains.

Small grains and large misorientations enhance multiple slip due to von Mises
criterion, which may reduce stress concentrations at grain boundaries and the incidence
of intergranular fracture. However, when the grain size is larger than some critical
value, (which depends on the strength of the boundary, the degree of slip planarity, etc.)
a large misorientation produces an effective barrier to slip, resulting in a stress
concentration which may increase the incidence of intergranular fracture. A sharp
deformation texture enhances slip continuity across grain boundaries and increases the
probability of higher energy transgranular fracture. However, if slip is coarse-planarand strain localization extensive, the fracture toughness may be low even though the
fracture mode is transgranular (27).

The desired grain structure may depend on the stress condition (57). Plane stress
fracture toughness is believed to be controlled by the amount of plastic deformation
occurring in a large plastic zone and a fine recrystallized grain structure aids in
producing a maximum amount of plastic deformation. On the other hand, plane strain
fracture toughness may be more influenced by grain boundary particles and increased
toughness may result from a large grain boundary spacing. In Al-Li alloys these effects
are particularly important, and it is found that sheet material with a recrystallized fine
grain size often produces the highest plane stress toughness whereas unrecrystallized
coarse grained thick section material is best for high plane strain fracture toughness(57).

Texture may have a significant effect on strength as predicted by the Taylor
relationship: a = MVY, where a is the yield strength, Y the critical resolved shear
strength on (111) planes and M an orientation factor which averages the distribution of
grain orientations. When this distribution is isotropic, M = 3. The textures produced
in aluminum alloys depend on a variety of parameters which include alloy content,
precipitate structure and deformation mode, grain size and shape, starting texture, degree
of recrystallization, directionality of deformation, and temperature of deformation. The
crystallographic texture usually cannot be simply described since it may consist of a
number of deformation and recrystallization components.



Commercial aluminum-lithium lloys normally have very strongly developed textures with
resultant anisotropic properties (58-67). Both Al-Li-Cu-Zr and Al-Li-Cu-Mg-Zr alloys
exhibit pronounced yield stress and ductility anisotropy in sheet, plate, and extruded
products. In sheet products, mechanical properties vary with angle of the stress axis to
the rolling direction (67), Figure 15. In thicker products, e.g., plate and extrusions,
the texture may vary throughout the thickness resulting in an additional anisotropy, Figure
16 (65). Some of the through-thickness texture variation is usually associated with a
limited amount of recrystallization that normally occurs near the surface. In addition
to anisotropic effects due to crystallographic texture, variation in properties throughout
a product may be due to variations in volume fraction and distribution of the strengthening
and grain boundary precipitates (14). Rapid heat-up rates during solution heat treatment,
e.g., associated with salt baths, may decrease the degree of anisotropy, Figure 15 (67).
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Figure 15. The mechanical properties of Al-Li alloy 8090 as a function of solution heat
treatment practice and angle to the rolling direction (From Reynolds et al., reference 67).

The texture may also influence delamination cracks that are often observed in Al-Li
alloys. Rolled plate and extrusions of 2090- and 8090-type Al-Li alloys may have a
tendency to form delamination cracks extending in the proce~aing direction during fracture
(68-72). Some authors have suggested that the delamination phenomena increases the
conventional fracture toughness due to "delamination toughening" (72), i.e., the L-T, L-
S and T-S oriented specimens show higher fracture toughness than S-L and S-T specimens.
Moreover, recent research indicates that the cryogenic fracture toughness in the L-T
orientation is higher than at room temperature (68-71) and is accompanied by an increase
in the yield strength, UTS, strain to fracture and the strain hardening exponent (68-70).
Roven et al. (73) recently examined the influence of PFZ'a and variations in the relative
misorientations between grains in the S-direction on the delamination behavior of an 8090-
type alloy at cryogenic and room temperature. Two conditions are investigated, i.e., one
condition having a wide PFZ and the other condition with no PFZ. The recently developed
(74) and modified EBSP technique in the SEM (75) was employed for micro-texture
measurements. This technique is unique since it makes direct correlations between the
microstructure and the crystallographic orientation possible on a macroscopic specimen
(75).

3v Roven et al. (73) found that the delamination behavior could be characterized by (i)
a "fine delamination" whose spacing was independent of both aging condition and test
temperature, i.e., 77K and room temperature, and (ii) a "coarse delamination" whose spacing
varied both with aging condition and test temperature (RT and 77 K). However,'the coarse
spacing was roughly equal for the two conditions at 77 K. The spacing of the "fine
delaminations" correlated very closely to periodical events of high to low relative
misorientations of grains in the S direction. The fracture processes of the PFZ-containing
condition included slip localization both in slip bands and in the PFZs giving
ntergranular failure. In the PFZ-free condition the fracture process was dominated by
slip localization in slip bands giving slip band decohesion. The latter condition had
better cryogenic properties than the PFZ-containing microstructure.

The sharp textures that occur in Al-Li-X-Zr alloys are strongly associated with the
use of zirconium as a grain refiner and recrystallization inhibitor. In addition, lithium
probably has a contributory effect (76). Unless special procedures are applied no
significant amount of recrystallization occurs in Al-Li-X-Zr alloys during ingot breakdown
or subsequent thermomechaaical processing, including intermediate anneals and solution heat
treatments. This results; in a very well defined deformation texture and the consequential
effects mentioned previously. Cross rolling may spread the predominant poles and decrease
the degree of anisotropy (13,61). As noted earlier, recrystallization textures normally
lead to more isotropic properties and a very fine recrystallized grain size offers
advantages under plane stress conditions (assuming grain boundary effects do not dominate).
Sheet products of two alloys, 2091 and 8090, are being marketed in the recrystallized
condition to optimize their plane stress fracture toughness.

Alloying additions and/or microstructural features that homogenize deformation
normally reduce the effect that a sharp texture has on property variations. Although
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Hirsch et al. (63) have shown that some control over texture may be obtained by controlling I
the initial texture, grain shape and aging, the anisotropy of properties associated with
the texture of commercial Al-Li-X alloys is still a major problem and production methods
need to be developed to produce the desired texture in all product forms.

Quench Sensitivity and Grain Boundary Precipitates:

The primary purpose of quenching age-hardenable aluminum alloys is to maintain a large n

degree of supersaturation of solute atoms homogeneously distributed in solid solution.
This permits precipitation of an optimum concentration and distribution of hardening
particles during the aging treatment. As quench rates decrease, more time is allowed for
solute atoms to migrate to grain boundaries or precipitate as matrix phases. Grain
boundaries act as heterogeneous nucleation sites by reducing the free energy barrier to m
nucleation (77). When thermodynamic and kinetic demands are satisfied, precipitation can

occur along the grain boundary and enhance intergranular cracking, grain boundary
decohesion and premature material failure (46). m

Slow quench rates are unavoidable in very thick plate or heavy section forgings and
under such conditions precipitation of grain boundary phases may occur. Lewis et al. (14)
haa shown that when 8090 is quenched from the solution treatment temperature at rates
slower than 100C/sec, precipitation of the icosahedral T2 phase occurs at high angle grain
boundaries. These brittle precipitates can lead to low fracture toughness by acting as I
stress risers and preferential sites for microvoid nucleation and growth (78).
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Figure 16. (a) Through thickness variation in longitudinal yield stress, (b) Through
thickness variation in intensity of texture components, (c) Variation in the calculated
Taylor factor (M) through the thickness (From Vasudevan et al., reference 65).

Colvin and Starke (79) have determined time-temperature-transformation diagrams for
the precipitation of both the T2 and S phases for two compositional variants of 8090,
Figure 17. A solute-rich Al-2.58Li-l.36Cu-0.9Mg-0.13Zr alloy exhibited a greater
sensitivity to quenching rates than did a solute-lean Al-2.28Li-0.86Cu-0.9Mg-0.l3Zr alloy.
Colvin and Starke related the precipitation of the T2 and S phases with the fracture m
toughness of the alloy, Figure 18, and concluded that T2 was the principal cause for the
loss of mechanical properties in poorly quenched 8090. Staley (80) has recently determined
TTT diagrams and related mechanical properties for 2090 and has found results similar to
those obtained for 8090.

Strengthening Precipitates:

Engineering properties important in the design of Al-Li alloys for aerospace
applications include a proper balance between strength, ductility, fracture toughnpsa, n
fatigue resistance, formability, and corrosion resistance. The volume fracticzn, size,
spacing, and distribution of the strengthening precipitates are important microstructural
features that impact all of these properties. Processing of tha wrought product to
optimize the microstructure and properties begins with the proper selection of the solution
heat-treatment temperature. This treatment should ensure that the maximum amount of solute



has been put in solid solution and that the rate of heat-up and maximum temperature does
not result in nonequilibrium eutectic melting (81). The solution heat treatment is
followed by a quench which should be sufficiently rapid to prevent deleterious
precipitation of grain boundary phases, as discussed previously, without causing quench
residual stresses that will produce warping. The warping issue is more serious than with
normal aluminum alloys due to the relatively high solution treatment temperatures and low
thermal conductivity associated with Al-Li alloys.

Quenching is often followed by some type of cold work in order to redistribute the
quenched in residual stresses. However, for Al-Li-Cu and Al-Li-Cu-Mg alloys that contain
e, T,, and S' strengthening precipitates, cold work prior to aging is used in conjunction
with the aging temperature to control the distribution of the precipitates. Deformation
prior to aging increases the dislocation density and thereby the number of nucleating sites
for heterogeneous precipitation. Since the dislocations would also be in the vicinity of
the grain boundary, precipitation of the strengthening precipitates would be encouraged
in this redion, thus minimizing the probability of PFZ formation. Dislocations are most
effective as nucleation sites for those precipitates that have large interfacial energies
and/or strains, e.g., 0', T, and S', but have no significant effect on the nucleation of

-SOLUTION TEMPERATUR - - - - -_SOLUTION T ( fRATI_ ( . . ._ .. . .

,00 ... . ooI __500_

Or 00 (,. r 4 00 .

M _ _00 0: 30 -....
0:(a) W o b

10 10 0 10 100 0

TIME (SECONDS) TIME (SECONDS)IS0LUTI0P ,TPERATURE - .. SOLUTIO,_TEMPE,ATURE . . '-

C 500' 500

: 00 " 400 II"

M300- a: -. 300-

W 200 ,,., *. 200Cc)(d

10 00 1000 10 100 1000

TIME (SECONDS) TIME (SECONDS)

Figure 17. Time-temperature-transformation curves showing volume percents of T2 and S
phases. (a) T2 for Al-2.58Li-l.36Cu-O.9Mg-0.13Zr (rich) alloy; (b) T2 for Al-2.28Li-0.86Cu-
0.9IMg-O.13r (lean) alloy; (c) S for the rich alloy and (d) S for the lean alloy (From
Colvin and Starke, reference 79).
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Figure 18. Iso mechanical lines showing the percent loss of Charpy energy values as a
function of time at various temperatures (a) rich 8090 alloy and (b) lean 8090 alloy (From
Colvin and Starke, reference 79).

Figure 19 shows the effects of different amounts of deformation prior to aging on
the number density of the T, precipitates formed during aging for various times at 190

0C
(82). since strength is related to the precipitate structure, there is a corresponding
effect on strength, as shown in Figure 19(b). The significance of this data relates to
commercial processing and different product forms, since a nonuniform distribution of

deformation prior to aging cen result to wide variances in strength within a product. Some
i product forms, such as complex forgings and those formed by superplastic deformation, are
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not easily conducive to cold deformation prior to aging. Consequently, there is interest 3
in examining heat treatment procedures and/or alloying additions that may aid in the
nucleation of the strengthening precipitates in a way that is similar to the effect of
dislocations.
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Figure 19. Effect of stretch on the precipitation and strength of an Al-2.4Li-2.4Cu-0.l8Zr
alloy. (a) Number density of T, as a function of aging time at 463K for various degrees
of stretch prior to aging and (b) corresponding yield strength vs. aging time (From
Cassada, Shiflet and Starke, reference 82).

Lewis et al. (14) have improved the fracture toughness and stress corrosion resistance
of 8090 by aging at 1500C instead of the commonly used 1900C. Pitcher (83) has recently'
shown that a slow heat-up rate to the aging temperature can lead to a better balance of
tensile strength and toughness in 8091 than a rapid heat-up rate when deformation prior
to aging is impossible. He relates the enhanced precipitation of S' to the release of
vacancies, as the 6' precipitates grow during the slow heat up. These vacancies assist the
formation of homogeneous St. A slow heat-up rate has the same effect as a duplex age,
i.e., at a low temperature followed by aging at a high temperature. Both a slow heat-up
rate to the aging temperature and a low - high temperature duplex age are common practices
for 7XXX alloys. Recent studies by Blackburn et al. (84) have demonstrated that small
additions of indium to 2090 can aid in the nucleation of both T, and 0'. This has an
effect similar to a 3 to 4% stretch, when compared with an indium-free alloy.

Ashton et al. (47) have established that a combination of cold work (up to 7%) prior 3
to aging and a low aging temperature can significantly improve the strength-toughness
relationship in both 2090 and 8091. As mentioned, deformation increases the number of
nucleation sites for 0', T, and S'. Lowering the aging temperature increases the degree
of supersaturation and the driving force for nucleation of the strengthening precipitates.
Consequently, higher strengths than realized at higher aging temperatures may be obtained.
In addition, since diffusion rates are decreased, the size and volume fraction of the grain
boundary precipitates are also decreased, which produces an improvement in the fracture
toughness. I

In general, for alloys that contain a low volume fraction of constituent phases and
grain boundary precipitates, the fracture toughness is controlled by the deformation
behavior, being maximized when deformation is homogeneous (36). Jata and Starke (36)
showed that the fracture toughness variation with aging time can be quantitatively related
to the changes in slip planarity, i.e., the fracture toughness decreases as the slip band
width decreases and the slip band spacing increases. They also determined (85) that slip
localization decreases with decreasing temperature, thus explaining the major reason for
the large improvement in fracture toughness with decreasing temperature. The higher
fracture toughness at cryogenic temperatures has also been attributed to: (a) low melting
point grain boundary phases which solidify at low temperatures and remain liquid at room

temperature (85,86), (b) a larger number of crack delaminations perpendicular to the short
transverse direction or perpendicular to the fracture surface in an L-T oriented specimen
(71,87) and in plane crack deflections (71) and (c) higher strain hardening capacity at
low temperatures (88). The Jata and Starke model is consistent with the increase in strain
hardening capacity at low temperatures.

The optimum microstructure for fatigue crack initiation resistance is consistent with
that required for high fracture toughness (89). However, the situation is somewhat
different for fatigue crack growth resistance (90). Lin and Starke (91) have shown that
a tortuous crack path and crack branching, both of which are enhanced by coarse planar
slip, are desirable for a high fatigue crack growth resistance in aluminum alloys. The
torturous crack path reduces the "crack driving force" due to extrinsic effects which
include roughness-induced crack closure (92-94), Figure 20. The propensity of Al-Li



alloys to deform by coarse planar slip results in a significant improvement in fatigue
crack growth resistance under both constant amplitude (57,94-96) and variable amplitude
loading (97) when compared with conventional high strength aluminum alloys. Figure 21,
taken from the work of Ritchie and co-workers (98), compares the crack growth behavior of
2090-T8E41 (T-L orientation) with that for two different tempers of 2124 and 7150.

I
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Figure 20. Scanning electron micrcgraph showing the fatigue crack profile and the presence
of "roughness induced closure" in an Al-Li-Mg alloy.

AK (ks-n '1 2)

5 1010-S 1 10- 10.
4

10-6 T-L Orientation a Ln rlk - IO-

Stes Lonte y Range AK (a- 1 1

7 t b o 2090-TE41
creodgrs t 2124-T351 alloys . ti

21Fr-T61 -- R-- a )1°_8 7 1 0-TZ~ .61

b a10s f i Lattice i
c tpacio 10-8

Z p10-10-e pn Cycle Z

10-11- -'
10

" 1 2
10.10

(10 ,1 2) (m st i u to t e eKITH, l z ati or

15 10 30

Stressig ntensity Range, K (MPa-d 2)
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corresponding results in 2124 and 7150 alloys. Data for tests in moist air at R - 0.(From Ritchie and coworkers, reference 98).

I Aluminum-lithium alloys have not demonstrated the same significant advantages over

baseline alloys for short crack growth resistance (99). This is partially the result of
reduced crack tip shielding effects (94,100). However, even in this regime At-Li should
show some improvement considering that they normally have a modulus of between 10 to 15
percent larger than conventional aluminum alloys. Although the fatigue crack initiation
resistance of A v-Li alloys may be somewhat poorer than that of conventional alloys(101,102) (most likely due to the extensive strain localization and sharp texture normally
present)l their overall fatigue performance under S-N type test conditions is generally

I equivalent tot or better than, that of standard aluminum alloys.

The precipitate structure also has a significant effect on the stress corrosion
cracking behavior of AI-Li alloys (103). While A-Li, AI-Li-Zr, and A1-Mg-Li-Zr alloy

I systems exhibit a high resistance to stress corrosion crack initiation (104105) the
A-Li-Cu-Zr and AI-Li-Cu-Mg-Zr systems do not (04,106-10). This suggests that the
presence of one of the copper containing precipitate phases, e.g., Tip S', T2 or A6Cu(MgLi)3
may be responsible for promoting crack initiation rather than ALi or A12gLi (103).

i Underaged tempers have been shown to be less susceptible than peak or averaged tempers to
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SCC initiation for Al-Cu-Li-Zr alloys (103) but overaging has been shown to decrease the
susceptibility of Al-Li-Cu-Mg-Zr alloys, Figure 22. Although underaged tempers appear to
offer the highest resistance to SCC propagation for both alloy systems, Figure 23, the
propagation behavior is relatively insensitive to temper as well as being insensitive to
alloy chemistry and test environment (103).
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Figure 22. The influence of temper on the stress-life curve of 8090 plate (ST
orientation). (From Gray et al., reference 103).

Aluminum-lithium alloys, particularly 2090, have surprisingly different forming
characteristics than the industry standard aircraft aluminum alloys such as 2024 and 7075
(111). These differences in formability reflect the unique deformation behavior and grain
structure exhibited by Al-Li alloys, in particular, their propensity for localized planar
slip. The formability of Al-Li alloys has also been shown to be more sensitive to grain
direction and prior cold work than the standard aircraft aluminum alloys. Maximum
formability has been observed when Al-Li alloys are in the "as-quenched" condition and
the bend axis is parallel to the long grain direction (111). It was previously shown that
cold work prior to aging is necessary to develop the optimum strength-fracture toughness
in Al-Li-Cu-X alloys. However, this step often reduces formability, forcing a compromise
between the most desirable part shape and the resulting properties. This has necessitated
the development of procedures which utilize the cold work imparted during forming to bring
the final product to the required strength level.
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Figure 23. Crack growth velocity versus stress intensity curves for under- and peak-aged
8090 in artificial sea water and peak-aged 8090 in a 95 percent relative humidity
atmosphere at 40 0C (From Gray et al., reference 103).
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OTHER ENGINEERING PROPERTIES

In addition to those properties discussed above, there are certain other engineering

properties of Al-Li alloys that are attractive in comparison to conventional baseline
aluminum alloys. For example, most Al-Li alloys are amenable to superplastic forming
(112,113), display moderate to good weldability (114,115), can be chemically milled,

bonded, anodized, alclad, and painted. On the debit side, as noted previously, Al-Li
alloys often display considerable anisotropy in strength and ductility. They are somewhat
more susceptible to surface oxidation at moderate temperatures, and are prone to warping
during quenching (mostly attributable to the relatively high quenching temperature).
Diffusion of lithium can occur out to the surface during high temperature heat treatments
which may lead to a lithium-depleted layer, and for sheet produuis a reduction in strength
(116). In addition, all Al-Li-X alloys suffer from low ductility and fracture toughness
in the short transverse direction. These problems are due to a combination of grain
structure and segregation effects and should be minimized by improved processing. Most

problems associated with Al-Li-X alloys appear to be solvable by the development of
intelligent processing methods and the advantages in density and modulus that they offer
over conventional aluminum alloys have already led to their usage in a number of aerospace
systems.
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3 NEW LOW DENSITY AND HIGH TEMPERATURE ALUMINUM ALLOYS

E.A. Starke, Jr., and H.G.F. Wilsdorf
Department of Materials Science

University of Virginia3 Charlottesville, VA 22901

Although aluminum alloys have been the materials of choice for

aerospace structures, the demands for higher performance and

supersonic flight has placed severe limitations on their use in

advanced systems. This has led to an increased use of titanium

alloys and fiber reinforced non-metallic composites when high

temperature stability and high specific strength are design

requirements. These higher cost materials are often not readily

available and can be difficult to fabricate. Aluminum's low cost,

low density, and ease of fabrication has encouraged the development

of two new families of aluminum alloys: one having reduced density

and greater stiffness and one having improved thermal stability.

This paper will describe these two new aluminum alloy systems.

INTRODUCTION

High-strength aluminun. alloys have historically been the

primary materials choice for aerospace systems; however, new and

future high performance military aircraft, high speed civil

aircraft and space systems will require materials properties

unattainable with conventional aluminum alloys. As with most

aerospace systems, designers are primarily concerned with strength

to weight ratio, durability, which includes corrosion resistance,

damage t.ierance, and the stability of properties in the operating



I
environment. Economic considerations, which include materials 3
costs and their availability, produciblity and maintainability, as

well as the fly to buy ratio are also of major concern. Although 5
titanium alloys offer superior high temperature performance and

nonmetallic composites have higher specific strength, when compared i
with conventional aluminum alloys, their high cost and

manufacturing requirements have encouraged the develolment of new

aluminum alloys which may be competitive ii. certain operating 3
environments. i

LOW DENSITY ALUMINUM ALLOYS

Although carbon fiber and boron fiber non-metallic composites I
offer a considerable density and stiffness advantage over all other 5
structural materials used in aerospace systems, reducing the

density and increasing the stiffness of aluminum alloys is 3
desirable due to their low acquisition cost and the aerospace

community's extensive design and manufacturing experience with I
these materials. Since lithium is the lightest metallic element, i

alloying it with aluminum will significantly reduce the density of

aluminum alloys and early work at Alcoa (1) showed that lithium 3
also increases aluminum's elastic modulus. Lithium can reduce the

density of aluminum by three percent and increase the elastic I
modulus by six percent for every weight percent added, at least up

to additions of three weight percent lithium (2). During the

1970-80's extensive research and development focused on producing 3
a new class of medium and high strength aluminum-lithium alloys

2
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having lower density and higher stiffness than conventional 2xxx

and 7xxx alloys.

3 Alloy designations and compositions of the new lithium-

containing aluminum alloys are listed in Table 1. The improvements

in density and stiffness of these alloys offer the opportunity of

I achieving weight reductions in conventional aluminum aerospace

systems of up to 15%. Many of these materials possess good

3 combinations of strength, damage tolerance and durability, in

general are quite welda' e, and several have demonstrated excellent

I cryogenic and moderate temperature properties. The properties of

3 most of the new aluminum-lithium alloys appear particularly

sensitive to small variations in composition and processing. This

5 sensitivity seems to be associated with the difficulty in

maintaining metal quality during casting, the presence of

I recrystallization inhibiting elements, and the complexity of the

microstructure after primary processing and heat treatment.

As with most aluminum alloys, microstructural features of

3 importance for property control of Al-Li alloys include: (a) cast

structure, (b) grain structure and crystallographic texture, (c)

volume fraction, size and distribution of insoluble intermetallic

particles and grain boundary precipitates, and (d) coherency,

volume fraction and distribution of strengthening precipitates.

Sincs one of the goals of this conference is to identify promising

technology for application to the interdisciplinary design and

5 development of thermal structures we will focus on the effect of

processing of new aluminum alloys and their use as a structural

3



material.

Processing begins with homogenization to reduce segregation,

remove the low-melting nonequilibrium phases, and thus improve

workability. This thermal treatment also serves to precipitate the

dispersoid-forming elements, such as those containing zirconium, so

that they may perform their role of grain control during subsequent

processing. One must be very careful in going to the final

homogenization temperature to ensure that the low-melting phases 5
are dissolved before their melting temperatures are reached. The

atmosphere used in the homogenization treatment should be

relatively dry in order to minimize oxidation and hydrogen pickup. 3
One also needs to be concerned about lithium loss from the surface

(3,4). The homogenization treatment is followed by hot working for 5
ingot breakdown and shape change to the appropriate product form.

The bulk of aluminum used in airframe manufacture consists of I
sheet, plate, and extruded bar. The wrought product is usually n

solution heat treated, quenched, possibly worked, and aged to

develop the desired microstructure. The heat treatment 3
temperature, amount of deformation prior to aging, etc., depend on

the alloy composition and the final microstructure and properties I
that are desired.

Recrystallization and Texture 3
All of the currently available Al-Li-X alloys contain

zirconium as the dispersoid forming element and the AI3Zr n

dispersoid is very effective in inhibiting recrystallization (5,6), 3
4



especially in the presence of lithium (7). During normal

processing no recrystallization occurs from the casting stage to

the final wrought product. Consequently, the wrought product is

highly textured which results in a significant effect on forming

operations and the anisotropy of properties, Figure 1. This figure

also shows that recrystallization reduces anisotropy (9). The

tensile properties obtained in recrystallized material are normall.

lower that those obtained for unrecrystallized material, although

the fracture toughness is higher (10).

The deformation texture has an additional secondary effect on

anisotropy for T8 tempers. In order to obtain the most favorable

combination of strength and fracture toughness most Al-Li-Cu-X

alloys are stretched from three to six percent prior to artificial

aging. In highly textured materials, some slip planes will be more

favorably oriented for slip than others and dislocation density

resulting from the cold work will not be the same on all (111)

planes. The (111) plane is the habit plane for T, precipitates and

the dislocations aid in their nucleation (11). Consequently, TI

precipitation will be non-uniform adding to the anisotropy of the

final product (12). In the late stages of aging, Ti will

precipitate on all (111) planes, so the degree of anisotropy may be

reduced by overaging, Figure 2 (13).

Rapid heat up rates during solution heat treatment, e.g.

associated with salt baths, may also decrease the degree of

anisotropy (14) as shown in Figure 3. However, depending on alloy

composition, the rapid heat up rates may have a deleterious effect

5



on ductility. Bourgasser et al. (15) have shown that heating an 3
Al-Li-Cu-Mg alloy to a solution treatment temperature greater than

543 0C (which is desired for maximum solubility) at a rate greater

than 50K/h can cause intergranular cracking, without application of

an external stress. This can occur even after proper ingot preheat I
and homogenization treatments. The phenomenon is associated with 3
non-equilibrium eutectic melting of a grain boundary precipitate

phase and the liquid spreading along grain boundaries as a thin 3
film. On quenching, intergranular cracks occur at grain boundaries

into which the liquid film has penetrated during the solution heat I
treatment. No evidence of non-equilibrium melting has been

observed in Al-Li-Cu alloys irrespective of the rate of heating to

the solution heat treatment temperature. The melting that occurs in 3
Al-Li-Cu-Mg alloys is associated with a soluble precipitate phase

which forms in the solid state and not with a low melting eutectic I
formed during solidification. Caution should be exercised when

solution heat treating small parts or thin gage 8091-type alloys if

heat up rates exceed 50K/h.

Thick products, e.a., plate and extrusions, may exhibit

variations in texture in the short transverse direction resulting

in an additional anisotropy, Figure 4, (16). Some of the

through-thickness texture variation may be associated with a

limited amount of recrystallization that normally occurs near the

surface.

The degree of recrystallization near the surface may be

increased by the loss of lithium during heat treatments. Alloy

6



I losses through heat treatment are caused by the relatively high

diffusion coefficients of the Li and Mg atoms in the Al-matrix and,

more importantly, by the extreme affinity of these alloying

elements for oxygen (17). Unlike conventional non-Li containing

I aluminum alloys, the oxidation products found on Al-Li alloys are

I permeable to lithium, and, when heat treated in air, oxidation is

continuous. With the loss in Li there is a concomitant growth of

3 the recrystallization layer at the surface (3) and a decrease in

strength of the surface layer. Consequently, heat treatment

I procedures which minimize lithium loss should be employed,

3 especially for sheet products since surface affects can

significantly effect bulk properties.

Precipitation

The commercial Al-Li-Cu-X alloys have a very complex

precipitate structure and a number of phases co-precipitate during

aging. A schematic illustration of the precipitate phases that

form in the Al-Li-X systems is shown in Figure 5 (18).

A transmission electron micrograph showing the presence of a

number of the precipitates in an aged 2090 alloys is given in

Figure 6. The major strengthening precipitates are: Al3Li, 6',

which is a metastable ordered phase that is spherical and coherent

with the aluminum matrix; AI2CuLi, T1, which precipitates as

platelets on (111) matrix planes; A12Cu, 0', which precipitates as

platelets on (100) matrix planes. In alloys containing Mg,Al2CuMg,

S', which forms initially as rods or needles aligned along the

7



(100) directions in the matrix may be present. The T1, e', and S' 3
precipitates are partially coherent with the matrix and show a

strong tendency for heterogeneous nucleation on matrix dislocations 3
and low angle grain boundaries. Consequently, the nucleation

frequency and aging kinetics of these partially coherent i

precipitates are greatly affected by cold work, which increases the I
dislocation density, prior to artificial aging.

Figure 7 (a) shows the effects of different amounts ofi

deformation prior to aging on the number density of the TI

precipitates formed during aging for various times at 190 0C (11).

Since strength is related to the precipitate structure, there is a

corresponding effect on strength, as shown in Figure 7 (b). The I
significance of this data relates to commercial processing and l

different product forms, since a nonuniform distribution of

deformation prior to aging can result to wide variances in strength 3
within a product. Some product forms, such as complex forgings and

those formed by superplastic deformation, are not easily conducive I
to cold deformation prior to aging. Consequently, there is

interest in examining heat treatment procedures and/or alloying

additions that may aid in the nucleation of the strengthening 3
precipitates in a way that is similar to the effect of

dislocations. The qualitative effects that some trace additions I
have on precipitation in a number of alloy systems are given in 3
Table 2.

Lewis et al. (19) have improved the fracture toughness and 3
stress corrosion resistance of 8090 by aging at 150 0C instead of

I
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the commonly used 1900C. Pitcher (20) has shown that a slow heat-

up rate to the aging temperature can lead to a better balance of

1 tensile strength and toughness in 8091 than a rapid heat-up rate

when deformation prior to aging is impossible. He relates The

I enhanced precipitation of S' to the release of vacancies, as the 6'

precipitates grow during the slow heat up. These vacancies assist

the formation of homogeneously distributed S'. A slow heat-up rate

3 has the same effect as a duplex age, i.e., at a low temperature age

followed by a higher temperature age. Both slow heat-up rates and

duplex aging are common practices for 7XXX alloys.

I Fracture Toughness, Fatigue, and Stress Corrosion Cracking

3 One of the major deficiencies of the new Al-Li-X alloys has

been poor short transverse fracture toughness. Rolled plate and

3 extrusions of 2090 and 8090 Al-Li alloys also show a tendency to

form delamination cracks in the short transverse direction which

extend in the processing direction during fracture (21-23). Some

3 authors have suggested that the delamination phenomena increases

the conventional fracture toughness in other directions due to

i "delamination toughening", i.e. the L-T, L-S and T-S oriented

specimens show higher fracture toughness than S-T specimens.

I Moreover, recent research indicates that the cryogenic fracture

3 toughness in the L-T orientation is higher than at room temperature

and is accompanied by an increase in the yield strength, UTS,

3 strain to fracture and strain hardening exponent (21-23). Roven et

al. (24) recently examined the influence of PFZ's and variations in

I
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the relative misorientations between grains in the S-direction on

the delamination behavior of an 8090-type alloy at cryogenic and

room temperature. They found that the delamination behavior could

be characterized by (i) a "fine delamination" whose spacing was

independent of both aging condition and test temperature, i.e. 77K

and RT, and (ii) a "coarsp delamination" whose spacing varied both

with aging condition and test temperature. The spacing of the

"fine delaminations" correlated very closely to periodical events

of high to low relative misorientations of grains in the S

direction, i.e. with the through thickness texture. The "coarse

delamination" appeared to be more associated with the presence of

PFZ's and deformation behavior, i.e. planar versus homogeneous

slip.

Lynch (25) has recently developed a processing procedure that

significantly increases the short transverse fracture toughness in

8090-T377 plate. Lynch found that re-aging at temperatures between

200OC-2300C for short aging times (approximately 5 minutes)

significantly increased the short transverse fracture toughness I
with only a small loss in strength, Figure 8. The increase in

toughness is most significant when the heat up rate to the aging

temperature and the cooling rate from the aging temperature are

rapid. Lynch also found that the increase in toughness produced by

double-aging is greater for specimens initially underaged than for

specimens initially aged near peak strength. Lynch offered the

following explanation for his observations: (i) lithium

segregation at grain buundaries is mainly responsible for brittle

10



3 intergranular fracture and low toughness in single-aged material,

(ii) double aging decreases the extent of lithium segregation, and

3 (iii) re-embrittlement is caused by resegregation due to diffusion

of lithium from the matrix to the grain boundaries. A more

3 reasonable explanation may be that (i) reversion of some of the S'

occurs at the higher aging temperature (ii) this reduces the degree

of strain localization, and (iii) more homogeneous deformation

* results in a lower stress concentration at grain boundaries and a

higher fracture toughness. This explanation is also consistent

I with the effect of rapid heat up rates, short reversion times (to

minimize the effect on S'), and rapid quenching rates (to minimize

I the reprecipitation of 6').

3 In general, for alloys that contain a low volume fraction of

constituent phases and grain boundary precipitates, the fracture

3 toughness is controlled by the deformation behavior, being

maximized when deformation is homogeneous. Jata and Starke (26)

I showed that the fracture toughness variation with aging time can be

3quantitatively related to the changes in slip planarity, i.e., the

fracture toughness decreases as the slip band width decreases and

the slip band spacing increases. They also determined that slip

localization decreases with decreasing temperature, thus

I explaining, in part, the large improvement in fracture toughness

3 with decreasing temperature.

The propensity of Al-Li alloys to deform by coarse planar slip

5 results in a significant improvement in fatigue crack growth

resistance under both constant amplitude (27-29) and variablei
11I



amplitude loading (30) when compared with conventional high

strength aluminum alloys. Figure 9, taken from the work of

Ritchie and co-workers (31) compares the crack growth behavior of

2090-T8E41 (T-L orientation) with that for two different tempers of

2124 and 7150. Coarse planar slip, e.g. occurs in 2090-T8E41,

leads to a torturous crack path which reduces the "crack driving

force" due to extrinsic effects which include roughness-induced

crack closure (32), Figure 10.

Aluminum-lithium alloys have not demonstrated the same

significant advantages over baseline alloys for short crack growth

resistance (33). This is partially the result of reduced crack tip

shielding effects (27,34). However, even in this regime Al-Li

should show some improvement considering that they normally have a

modulus of between 10 to 15 percent larger than conventional

aluminum alloys. Although the fatigue crack initiation resistance

of Al-Li alloys may be somewhat poorer than that of conventional

alloys (35,36) (most likely due to the extensive strain

localization and sharp texture normally present) their overall

fatigue performance under S-N type test conditions is generally

equivalent to, or better than, that of standard aluminum alloys,

Figure 11.

The Al-Li, Al-Li-Zr, and Al-Mg-Li-Zr alloy systems exhibit a

high resistance to stress corrosion crack initiation (37,38),

however, the Al-Li-Cu-Zr and Al-Li-Cu-Mg-Zr systems do not

(37,39,40). The susceptibility of these copper containing alloys

may be related to the activity of the T1, S', T2 phases (41).

12
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IUnderaged tempers have been shown to be less susceptible than peak

or overaged tempers to SCC initiation for Al-Cu-Li-Zr alloys (41)

but ovcraging has been shown to decrease the susceptibility of

Al-Li-Cu-Mg-Zr alloys, Figure 11. Although underaged tempers

appear to offer the highest resistance to SCC propagation for both

alloy systems, Figure 12, the propagation behavior is relatively

insensitive to temper as well as being insensitive to alloy

chemistry and test environment (41).

Other Engineering Properties

In addition to those properties discussed above, there are

certain other engineering properties of Al-Li alloys that are

attractive in comparison to conventional baseline aluminum alloys.

For example, most Al-Li alloys are amenable to superplastic forming

(42,43), display moderate to good weldability (44), can be

chemically milled, bonded, anodized, alclad, and painted. On the

debit side, A'-Li alloys often display considerable anisotropy in

strength and ductility (although special processing procedures may

minimize these effects). They are somewhat more susceptible to

surface oxidation at moderate temperatures which can lead to

lithium loss near the surface. In addition, a commercial practice,

similar to that developed by Lynch, must be developed to improve

the short transverse fracture toughness. In fact, most problems

associated with Al-Li alloys are due to a combination of grain

5 structure, texture, precipitate type and distribution, the adverse

effects of which may be minimized by intelligent processing

13
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methods.

HIGH TEMPERATURE ALUMINUM ALLOYS

The tensile strength of commercially cast and wrought aluminum

alloys deteriorates quickly at elevated temperatures. As such,

these products have not been used for structural applications where

the environmental temperature the component must withstand exceeds

2000C for any length of time.

Two approaches in developing dispersion strengthened, elevated

temperature aluminum alloys have evolved. The first involves rapid

solidification (RS) of aluminum alloys that contain a high

percentage of solute elements that form intermetallic dispersoids

which have low coarsening rates at moderate to high temperatures.

RS aluminum alloys can be produced with compositions that are

unattainable through normal ingot casting methods. The severe

undercooling during solidification results in a dispersoid size

sufficiently small to offer significant strengthening and

substructure control when present in quantities of 10 to 25 volume

percent. The RS particulate is consolidated using normal powder

metallurgy methods. The most advanced of the RS aluminum alloys

that have been developed are based on the Al-Fe-V-Si system,

described by Gilman in this proceedings (45), and have very good I
tensile properties in the 200°C-4000C temperature range.

The second approach, mechanical alloying (MA) of elemental or

master alloy powder charges, produces a fine grained microstructure

containing A12 03 and A14C3 as the primary dispersoid strengthening

14



I
phases (46). Other desired precipitate phases can be produced as

well, by adding the appropriate combination of elemental or

pre-alloyed powders. Mechanically alloyed aluminum alloys are

characterized by a very fine grain size (less than 0.5 microns in

I diameter) which is stable up to temperatures approaching the

melting point of aluminum. Other stable inert dispersoids (such as

Y203) can be deliberately added during the MA process. This

3combination of dispersoids assists in maintaining the ultra-fine
grain size of the microstructure, and when these factors are taken

together, is responsible for the characteristic strength of MA

alloys through a wide range of temperature/exposure conditions.

In addition to the grain size and inert dispersoid

strengthening mechanisms already mentioned, strengthening--

particularly at elevated temperatures--can also be obtained from

I the presence of aluminum-transition element dispersoids. A large

part of the research activity on high temperature aluminum alloys

has focused on developing means to incorporate large volume

3 fractions of fine, relatively stable, aluminum-transition metal

dispersoids within aluminum alloys. Mechanical alloying offers a

particularly attractive technique for preparing such alloys.

A recent Air Force sponsored program (47) explored the high

I temperature performance limitations of aluminum-base alloys and was

g successful in developing MA aluminum alloys that have promising

properties up to 5000C. A new Al-Nb-Ti alloy has an ultimate

3 tensile strength of 107 MPa (15Ksi) at 5000C and an elongation of

6.1%, exceeding for the first time the 100 MPa limit at 5000C.

I
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Room temperature yield strength is 580 MPa with an elongation of

14%. Creep resistance for a series of MA Al-Ti-X alloys was one

order of magnitude better than that reported in the literature for

other high temperature aluminum alloys in the 400-5000C temperature

range. All of these new MA alloys have superior corrosion

resistance when compared to conventional aluminum alloys. However,

the fracture toughness of the MA alloys is rather low at room

temperature as well as at elevated temperatures and this

shortcoming needs to be addressed in future research and

development.

The fine grain microstructure of an MA Al-9Ti alloy is shown

in Figure 13 and consists of grains of both aluminum and Ti3AI, and

carbide and oxide dispersoids. The dispersoids serve to stabilize

the grain structure preventing excessive grain growth during high

temperature exposure. Room temperature stress-strain curves after

various annealing treatments are shown in Figure 14. There is no

precipitant decrease in strength with increasing temperature,

Figure 15, indicating that there is no significant change in

microstructure with increasing temperature, at least for the times

and temperatures of this study. A variety of strengthening

mechanisms, i.e. grain structure strengthening, dispersoid

strengthening, etc. probably operate over this large temperature

range. However, the results indicated that the dispersoid volume

fraction was insufficient to aid in the development of an ultra

fine qrain structure during processing and the resulting large

grain size (when compared with other MA alloys) may have allowed

16
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3 the development of large internal stresses during mechanical

testing which limited strength and ductility. Niobium was added to

5 an Al-Ti alloy with the objective of forming small AI3Nb particles

to reduce the grain size and offer an additional component of

I dispersion strengthening.

5 The microstructure of an MA Al-9Nb-3Ti alloy is shown in

Figure 16. The structure of this alloy is a highly suppressed

3 two-phase aggregate structure when compared to the Al-9Ti alloy.

In addition, a volume fraction of 10.5% AI3Nb particles are present

I which together with the small grain size provides a large number of

I very strong obstacles to dislocation motion. The aluminum grains

are strengthened by 11 volume percent A14C3 and 1.6 volume percent

3 Al203* With the very small average grain size of 0.05 microns and

an average AI3Nb spacing of 0.02 microns, the conditions for a very

3 strong alloy have been provided. Figure 17 is the alloy's room

temperature stress-strain curve and illustrates the familiar

negative work hardening behavior of these fine grained powder

3 metallurgy alloys. Figure 18, which shows the yield strength as a

function of temperature, indicates that the yield stress at room

3 temperature increases after creep loading for 100 hours at 4460C.

Post-creep transmission electron microstructural studies confirmed

that the structure is very stable after long time exposure at

3 temperatures up to 5000C. The 107 MPa ultimate tensile strength at

500 0C is the highest ever reported for a monolithic aluminum alloy.

3 Although much research and development needs to be done on

these high temperature aluminum alloys before they are ready for

17I



commercialization, especially on improving the fracture toughness,

they do offer the promise of being able to replace the more

expensive titanium alloys in structural applications for aircraft

whose speeds do not exceed Mach 2.4.
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3 LIST OF FIGURES

3 1. The effect of recrystallization on the anisotropy in tensile

properties of aluminum-lithium 8090 sheet (After Peel et al., Ref.

1 8).

2. The effect of rolling direction and extended aging after

stretching on the anisotropy in unrecrystallized aluminum-lithium

3 sheet (After Gregson and Flower, Ref. 13).

3. The effect of solution heat treatment practice on the

I anisotropy in aluminum-lithium 8090 (After Reynolds et al., Ref.

I 14).

4. (a) Through thickness variation in longitudinal yield stress,

3 (b) Through thickness variation in intensity of texture components,

(c) Variation in the calculated Taylor factor (M) through the

3 thickness (After Vasudevan et al., Ref. 16).

5. A schematic illustration of the precipitate phases that form in

1 Al-Li-X alloys.

I 6. Transmission electron micrograph showing the many strengthening

precipitates in an aluminum-lithium-copper alloy 2090.

5 7. Effect of stretch on the precipitation and strength of an Al-

2.4Li-2.4Cu-0.18Zr alloy. (a) Number density of T, as a function

of aging time at 463K for various degrees of stretch prior to aging

3 and (b) corresponding yield strength vs. aging time (After Cassada

et al., Ref. 11).

5 8. Reversion in short transverse fracture toughness with a short

secondary aging (After Lynch, Ref. 25).
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9. Crack propagation behavior of long fatigue cracks in 2090-

T8E41 (T-L orientation) as a function of the nominal stress

intensity range, compared to corresponding results in 2124 and 7150

alloys. Data for tests in moist air at R = 0.1 (After Ritchie et

al., Ref. 31).

10. Scanning electron micrograph showing the fatigue crack profile

and the presence of "roughness induced closure" in an Al-Li-Mg

alloy.

11. The influence of temper on the stress-life curve of 8090 plate

(ST orientation) (After Gray et al., Ref. 41). 1
12. Crack growth velocity versus stress intensity curves for

under- and peak-aged 8090 in artificial sea water and peak-aged I
8090 in a 95 percent relative humidity atmosphere at 400C (After 3
Gray et al., Ref. 41).

13. Transmission electron micrograph of MA Al-9Ti alloy showing 3
the grain size and size and distribution of dispersoids.

14. Room temperature stress-strain curves for MA Al-9Ti alloy in

the as-received and annealed conditions.

15. The yield strength versus temperature for MA Al-9Ti alloy.

16. Transmission electron micrograph of MA Al-9Nb-3Ti showing the 3
suppression of two-phase aggregate structure and a grain size much

smaller than for MA AI-9Ti. 3
17. Room temperature stress-strain curve for Al-9Nb-3Ti.

18. The yield strength versus temperature for MA Al-9Nb-3Ti.
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3 Effect of precipitate type on elastic
properties of Al-Li-Cu and Al-Li-Cu-Mg

I alloys

E AGYEKUM, W RUCH, E A STARKE Jr,
I S C JHA and T H SANDERS Jr

EA and WR are in the Department of other major strengthening precipitates that form
Materials Science at the University in the ternary and quaternary all ys are theof Virginia, USA.

EAS is in the School of Engineering Al2CuLi and Al2CuMg phases.
and Applied Science at the University
of Var ni, USA The Young's modulus of a multi-phase alloyscJ and 1T{$ are in the Departxient of

Metallurgy at Purdue University, USA results from the individual contributions of each
phase. In precipitation hardenable Al-Li alloys,
the largest phase is the solid solution or matrix
phase. The other phases present, such as-consti-

tuent particles, dispe'soids and strengthening
precipitates exist very often in relatively"low
volume fractions. In order to influence the elas-
tic properties of the alloy, the moduli of the~se

SYNOPSIS phases must be very different from the modulus

Lithium additions are known to signifi- of the matrix. Some recent work on Al-Li binary
cany increa e dl atic a ou tof aluminum and Al-Li-Mg ternary alloys has resulted in esti-

canoy increase the elastic modulus of a mations of the effect of Li on the modulus of Al
alloys when present in solid solution or as when it is in solid solution (1,2), and the
A13Li. However, there has been no systematic elastic modulus of A13Li (1,2,3). There has been
fundamental study of the effect of lithium on no reported estimation of the elastic modulus of

the elastic properties of the complex Al-Li-Cu other phases containing Li.
and Al-Li-Cu-Mg alloys currently being considered
for commercial utilization. A series of Al-Li-Cu This paper describes some of our preliminary
and Al-Li-Cu-Mg alloys were processed to contain results on a study of the elastic behavior of
various amounts of lithium-containing precipi- complex Al-Li-X alloys. Although the quantita-
tates, e.g., Al 3 Li, and Al 2CuLi. The elastic tive analysis is incomplete, these early results
moduli were determinea by the pulse echo tech- do suggest some trends and the relative impor-
nique. The results were correlated with the type tance of the manner in which Li is present in
and volume fraction of precipitates. The differ- the alloy, i.e., the type of Li-containing phases
ences in elastic properties among the various present.
alloys and heat treatments will be described
with respect to the individual contributions of EXPERIMENTAL PROCEDURES
the different precipitates.

The alloys, manufactured by ingot tech-

INTRODUCT ION nology, have been received from Reynolds Aluminum
Company, Richmond, Virginia, in form of cross-

Binary aluminum-lithium alloys show low den- rolled plates with a thickness of 12 rm. After.

sity and high stiffness ouc are not attractive solution heat treatment and cold water quenching,
to commercial applications mainly due to strength stretching for 2'" within an hour took place.
and ductil;ty problems. Good overall mechanical Aging was performed at 163 °C for 16, 50 and 150
Droperties are found in ternary and quaternary 'ours. The ternary Al-Li-Cu alloy has been aged

Al-Li alloys where copper ano/or magnesium are at 1500C for 36 hours. More details about the
also present and which still show low density investigated alloys are listed in Table I.
and hign elast'c modulus compared to lithium
free aluminum alloys. The elastic modulus of Densities have been determined using the
such complex alloys is composed of individual Archimedes principle, where the samples were im-
contributions from the matrix and various types mersed in air and CC 4.I of precipitates. In addition to A13Li, the
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Table I. Investigated alloys.

ALLOY Li Cu Mg Zr Cu/Mg DENSITY (g/mI)

w% - - - - CALC. MEAS.
at%

263 1.86 1.48 0.12 1.3 2.52 2.521 9.59 . .74- 1.5 4 o.o"-

2.31 0.91 1.30 0.11 0.7 2.53 2.54

8.46 0.36 1.36 0.03

1.97 1 85 1.47 0.1-3 1.3 2 57 2.57
7.32 7-5 1.56 0.04

.94 1.91 0.90 0.12 2.1 2 53 2.58
7.22 0.78 0.96 0.03

2.26 2.54 _ 0.11 - 2.58 2.59
8.37 1.03 0.03

Table 2. Results for alloys aged for 50 
hrs. at 163 C.

" 6' - 82.9

9l46 9 0.7 81 9 9 5 72.4 7 .7 II

3 7.32 5 0.5 6. 53 75 7 736 3
.1 7.2 2 5 0.4 80.7 5.3 7f 4 7 8-

5 a 37 2.5 2.3 83.6 2.7 ao.a 7

136.f.s at 1500C = E,,eas " If

Table 3. Results for alloys aged for 150 hrs. at 163 0C.

A E f5 Fj

C-.-' c ) '. ? ., (,' (C-3) a 
3

(a: ....................

2I" " - - 22 ' -
I

2 c34
6 ' 3 73 43 744 74,

3 732 2 7 7 2 9 73.7 75.5

7 22 3 6 3 2 7 7 3. 75.9 7,.
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Microstructural examinations were performed 7.6 at.. according to this diagram. Optical
with optical, scanning and transmission electron microscopy clarified this apparently anomalous
microscopes. Number fractions of secund phases behavior. Figure 2 is an optical micrograph of
were measured from TEM negatives with a point this alloy which shows many large particles which
grid and converted into volume fractions. The were found to be copper and aluminum rich using
foil thicknesses have been determined by conver- X-ray energy dispersive analysis. Obviously,
gent beam electron diffraction patterns, the solubility limits were exceeded with this

composition and, therefore, large scale precipi-
The pulse echo technique was used to deter- tation of insoluble primary phases occurred

mine the propagation rates of elastic ultrasonic during casting. The exact composition of the
waves (10 MHz) in longitudinal and transverse particles and/or whether they contained lithium
modes which allowed the calculation of the elas- could not be determined. The low atomic number
tic moduli. Testing direction was the direction of lithium does not allow its detection with
of the last rolling step. The reproducibility X-ray energy dispersive analysis. Nonetheless,
of this method is about plus/minus 1%. the incorporation of a substantial part of the

total lithium content in these large particles
RESULTS AND DISCUSSION seems reasonable and may explain the relatively

low elastic modulus of this alloy. The other
Table I shows the compositions of the inves- alloys contained only the typical small amounts

tigated alloys and a comparison of calculated of constituent particles.
and measured densities. The calculation has
been performed using the following equation from The shear moduli show the same trend as the
Peel et al. (4): Young's moduli as a function of lithium content.

Compared to pure aluminum they show roughly the
0 2.70 + 0.024Cu - O.OMg - O.079Li (I) same percent increase. The poissons ratio always

stayed close to 0.30.
wnere D is the density in g/ml and the atomic
symbols represent the weight percent of the in- Figure 3a, b, c and d represent the change
dividual elements. In the original equation in elastic modulus with aging time for the inves-
from (Peel) the density of pure aluminum was tigated alloys. All materials show an increase
assumed to be 2.71 g/ml, but our density measure- in E in the early stages of aging, i.e., from 16
ments yielded consistently a value of 2.70 for to 50 hours. The maximum difference in moduliis
pure aluminum. For that reason the latter value during aging is displayed by alloy 2 (2.31 wt%Ci)
was chosen in equation (1). Also the presence with about 3 GPa, i.e., roughly 4%. No measure-
of zirconium has not been considered which may ments in the solution heat treated states were
result in a slight underestimation of the den- performed. A decrease in Young's modulus going
sity. The agreement between calculated and from 50 to 160 hours was observed for all alloys,
measured values is extremely good and well within too. The results from transmission electron
experimental error. microscopy, performed on the 50 and 150 hr.

treatments so far, will be used to explain this
Figure i shows the Young's moduli plotted behavior. The 16 hour heat treatments are still

versus the lithium concentration in atomic per- under investigation.
cent for the different alloys aged 16 hrs. at
1630 C. Also included is the magnesium-free The initial increase in modulus with aging
ternary alloy 5, represented by a filled in is attributed to the precipitation of delta
circle which has been heat treated 36 hrs. at prime. At 50 and 150 hrs. aging the only
150°C. For the lower lithium containing quater- strengthening precipitate present in alloy 1 and
nary alloys (star symbols) an increase in modulus 2 (high lithium contents) was delta prime. Alloy
with lithium levels takes place, as expected. 3 which had the same copper and magnesium levels
If a linear regression analysis is applied to but a lower lithium content also contained S' ,

the data points from these lower lithium alloys a precursor of the S- pnase (Al2CuMg), as deter-
a slope of 2 GPa per at.% lithium, and an mined from electron diffraction patterns. In
intercept of 64 GPa, representing the modulus alloy 4 with the lowest Li content and the
for a lithium free alloy, result. These numbers highest Cu to Mg ratio, S" was also found to be
are reasonable for these alloys; however, alloys present. The S' ' phase is not expected to
1 and 5 do not follow this trend. The Al-Li-Cu influence the modulus of elasticity to a great
alloy shows a much higher value and the quater- extent, since its effect is negligible in 2XXX
nary alloy with the highest lithium content shows alloys.
a value far too low. Because crystallographic
texture was found to be only weak in these Table 2 lists the results of the quantita-
cross-roled alloys, the cause for this behavior tive transmission electron microscooy investiga-
must lie in the composition, i.e., the phases tions for zhe 50 hr. aging treatments and the
present in tnese materials. in the Al-Li-r measured elastic moduli. In order to get some
alloy which has been aged for 36 hrs. at 150 C more quantitative information, the amount of
mainly T 1 (Al 2uLl) is present in addition to lithium in solid solution was assumed to be 5.5delta prime. T1 seems to have a large beneficial at.":, a value which has been used in binaryeffect on modulus as we will discuss later. The alloys by Noble et al. (I) and which should

quacernary 9.6 at.. Li alloy shows a value wnich represent an upper 1m it in the quaternary
would be expected for a lithium content of abuut alloys. The measured volume fractions 3f delta
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Figure 1. Young's modulus as a function of lithium concentration.
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AGVEKUf et al.

prime have been used to calculate the amount of which lower the modulus, the resulting difference

lithium in delta prime, and, after subtracting will even oe nigher. It has yet to be determined
5.5 at.% for solid solution, the remaiing whether or not the lithium not in delta prime
lithium content in other phases, called Li in and not in solid solution is incorporated in one
Table 2, was estimated. Measurements of the S- or several phases which have a positive influence
volume fractions in alloys 3 and 4 have yet to on the modulus. Further work is necessary to
be performed. In alloy 1, the delta prime identify these phases. The largest contribution
particles were too small to allow quantitative of precipitation other than 6" to the modulus
measurements. was observed for the magnesium free ternary alloy

5. In this case we can assume the T1 phase to
The bulk modulus of an alloy can be calcu- be the major phase besides 6"and to be of great

lated by determining the contribution of solia influence. If one assumes that all copper is
solution and the contribution of precipitates, tied up in Tl, the resulting volume fraction for

The Young's modulus of the solid solution (Ess) Al2CuLi is about 4% using a density of 3.1 g/ml
in binary aluminum-lithium alloys has been deter- for T1 . Applying the linear rule of mixtures
mined by Muller and Gerold (2) from experimental according to equation (3) and assuming the pre-
measurements to be: sence of only solid solution, TI and 6; results

in a Young's modulus of roughly 170 GPa for the
E SS = 71 + 1.221-i (2) TI phase. This value is the result of a fairly

crude calculation but it stresses the point that
where ESS is the solid solution modulus in GPa besides delta prime there are other lithium con-

and Li :s the atomic concentration of lithium in taining phases which can contribute quite signi-

solid solution. Muller and Gerold also deter- ficantly to the modulus of elasticity.

mined a value of 106 GPa for the modulus of
delta prime, and the value was selected for our In Table 3 the same analysis as in Table 2

calculations. The way the bulk modulus of a for the quaternary alloys has been performed
multi-phase material can be composed of the in- for the 150 hr. heat treatments. It is fair to

dividual contributions is: assume that in going from 50 to 150 hours the
amount of lithium in solid solution stays essen-

n Itially constant, i.e., the alloys overage. Tablen m

E (f, " E) (3) 3 shows a decrease in delta prime volume frac-
i i tions in all alloys compared to the 50 hr.

treatment. It becomes obvious that the decrease

where Eb is the bulk modulus, f the volume in the delta prime contribution cannot alone
fraction of the phase i, and Ei the modulus of explain the changes in measured mc-uli in all

the individual phase i. The exponent m equals 1 alloys. In alloy 2 the decrease in modulus due
for the linear rule of mixtures, also called to a reduction in 6- volume fraction matches the
Voigt (5) averaging (upper bound). There the reduction of the measured value. The lithium

uniform strain in both phases is as:,med. For leaving the 6 - particles apparently does not
the Reuss (6) method of averaging the same stress have a great influence on modulus. In alloy 4
is assumed in both phases and m equals -1 (lower the decrease in bulk modulus is less than the

bound). It turns out that in our case the decrease in delta prime contribution where the
difference between the bounds is small and there- opposite is true for alloy 3. In alloy 4, the
fore the linear rule of mixtures was applied, lithium leaving delta prime apparently still

makes a positive contribution to the overall

The contribution of delta prime to the bulk modulus compared to alloy 3 where it makes a
modulus was calculated using the following equa- negative contribution. In all alloys an increase
tion: in the number of grain boundary precipitates was

observed when going from 50 to 150 hours. Identi-
fication of these precipitates should aid in our

6CONTR = f6  E 6  (4) understanding of the observed behavior and this
analysis is currently being made.

where f& is the measured volume fraction of CONCLUSIONS
delta prime and E 6' = 106 GPa according to (2).
These values are also listed in Table 2. The dif- In Al-Li-Cu alloys, the TI phase contributes
ference between the delta prime contribution and positively to the modulus of elasticity.
the measured modulus is also listed in Table 2.
This difference is the contribution of solid -Exceeding the solubi mty imit tiles up
solution and other phases. The last column in lithium in large equilibrium particles which
Table 2 shows the calculated contriDution of the has d negative effect on loungs modulus.
solid solution to the bulk modulus under the - n Al-Li-Cu-Mg alloy, the modulus of elasti-assumption that delta prime and the solid solu-
tion are the only two phases prese:it. it is city goes through a maximum during aging.
interesting to note that the solid solution con-
tribution, which is believed to be overestimated In Al-Li-Cu-Mg alloys the changes in modulus
anyway, cannot make up the difference to the during aging may not be explained by changes
measured value. If one would consider the in 6" volume fractions alone.
amounts of Cu and Mg in solid solution, both of
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I
3 ABSTRACT

The Young's modulus, shear modulus and Poisson's ratio were
determined using an ultrasonic pulse echio technique. Three
commercially fabricated aluminum-copper-lithium alloys and an
aluminum-lithium binary alloy were examined. The elastic properties
were measured as a function of aging time, aging temperature, amount
of stretching and testing direction. An increase in Young's modulus
due to delta prime and Tl precipitation has been measured and treated
quantitatively including precipitation kinetics. A significant
decrease of about 5% in the modulus of elasticity was found in the
peak age condition. This decrease can be attributed to prer#,)itation
of the T2 phase. The shear modulus behaves similar to Young's modulus
while the Poisson's ratio remains unchanged. There is no significant
orientation dependence of the elastic properties on testing direction
despite the fact that a typical rolling texture was present.

INTRODUCTION

It is well established that the addition of lithium decreases the

density and increases the elastic modulus (1-4). This paper examines
the important parameters which influence the elastic modulus in
commercially important aluminum-lithium alloys. These parameters
include solid solution concentrations, their volume fractions, and
orientation effects. Industry can implement these results to producealumintim-lithium alloys wh., h possess an optimum elastic modulus.

3 EXPERIMENTAL PROCEDURE

The alloys studied in this investigation were donated by the
Reynolds Metals Company, Richmond, Virginia. The material was
received as hot cross-rolled plate with a thickness cf 12 mm. The
compositions of the alloys are given in Table [. Alloy 73 is similar
in composition to ALCOA's 2090. soft-==

The alloys were solution heat treated at 3%0oC for 30 minutes in
a salt bath and cold water quenched (CWQ). All the saaples, alloys
73, 81, 82 and the binary alloy were aged at 190 0 C for times from 10minutes up to 300 hours. They were all examined in the unstretched
condition. Alloy 73 was also examined in a 6% stretched condition.

I )Naval Air Development Center, Warminster. Pennsylvania, U.S.A.
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Samples were machined for ultrasonic measurement from the center
of the plate. The samples were rectangular, about 12 x 7 x 5 mm3 in
dimensions. Longitudinal and transverse wave velocities were measured
with a 10 MHz ultrasonic pulse echo equipment.

The elastic modulus, shear modulus, and Poisson's ratio were
calculated using the following equations (5):

R = (Vt/VZ) 2 . . . . .  . . . . . . .. . . . . . . . .. eq. 1

P = (2*R-I)/(2*R-2) ... .......... .eq. 2

G = Vt2 *D ..... ............... ... eq. 3

E = D*V 2 *((l+P)*(l-2*P)/(l-P) ..... eq. 4

R - Ratio of velocities squared
P - Poisson's ratio
G - Shear Modulus (GPa)
E - Elastic Modulus (GPa)
D - Density (g/cc)
Vt - Transverse velocity (m/sec)
V - Longitudinal velocity (m/sec)£I

The density of each sample was measured using Archimedes
principle. The density did not change upon aging within 0.02%.

Texture analysis of the alloys was performed using a Siemens
texture gonioi'eter, set up for the Schulz reflection technique. Pole
figures were obtained from each sample.

Transmission electron microscopy was performed using a Phillips
400 (120Kev) instrument. Small angle x-ray scattering (SAXS) was
performed at the National Laboratory in Oak Ridge, Tennessee with CuKa
radiation. A Huber Guinier Camera with a quartz monochromator using
Cu Ka radiation was used in connection with the direct comparison
metho& to determine volume fractions of second phases.

RESULTS AND DISCUSSION

The microstructure of alloys 73, 81 and 82 display an elongated
flat grain structure due to rolling. Typical dimensions are 220 x
100 x 30 pm3 . In addition there is a subgrain structure in the size
range of 5 to 30 pm present. The binary alloy exhibited a fully
recrystallized, equiaxed grain size ranging from 340 to 360 um.

Figure 1 displays the results of TEM and Guinier x-ray analysis
with respect to second phase precipitation at ]900C as a function of
aging time. In the solution heat treated condition the matrix, 5' and
Al3Zr dispersoids were evident in the ternary alloys. The latter
change neither distribution nor volume fraction during aging.

After 10 minutes aging at 1900C there is evidence of the T1 phase
in alloy 73, but not in alloys 81 or 82. This can be explained by the
higher Cu content of 73 resulting in a stronger driving force for TI
precipitation. The Tl phase nucleates heterogeneously at grain and
subgrain boundaries. The platelets, after 10 minutes aging at 190 0C,
are approximately 72 nm long and 8 nm wide.

After approximately 90 minutes aging time the Tl phase is
apparent in all three alloys. After 8 hours aging at 1900 C, there is
present in all three alloys some T2 phase which nucleates B
preferentially along the grain boundaries.

The volume fraction of 6' as a function of aging time was
examined for alloy 81.
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Table II shows that the direct comparison method yielded more

consistent results than the TEM method. In the former method the
integrated intensity ratio of the (200) and (100) diffraction line was
measured from a Guinier camera exposure compared to the calculated
value and solved for the volume fraction. At short aging times the
superlattice line was too weak to be measured quantitatively and
therefore a SAXS Kratky plot was used.

Figure 2 shows the 6' volume fraction in alloy 81 as a function
of aging time. The SAXS data points (asterisks) have been calibrated
with the direct comparison results (circles) at 40 min. aging time.

It is evident from Guinier camera and TEM results that the delta
prime volume fraction remains essentially constant at longer aging
times. SAXS data in Figure 2 shows an increase in volume fraction of
second phases beyond 100 min., caused by T1 and T2 precipitation. The
interpretation of the SAXS data in a more quantitative way is
restricted due to the complicated shape and s3tructure of T1 and T2.

All ternary alloys exhibit the same (110) [112] type texture (Figure
3). The maximum times random number of the (200) pole was 11, 7 and
10 for alloys 73, 81 and 82, respectively.

Figure 4 shows the Young's Modulus of the binary alloy as a
function of aging time at 1900C. It exhibits an increase in the
elastic modulus up to approximately 80 minutes aging time. The
maximum modulus is approximately 80 GPa. 1 GPa is the largest overall
change in modulus measured for the binary alloy where 6' and solid
solution are the only phases present.

The elastic modulus versus aging time at 1900C for the ternary
alloys in the unstretched condition, longitudinal direction is given
in Figure 5. They reach a maximum elastic modulus at approximately 10
hours aging at 1900C. The maximum modulus of alloy 73 is 82 GPa.
Alloys 81 and 82 reach a maximum modulus of approximately 80 GPa.

The shear modulus exhib5ts the same trends as the Young's modulus
(see Figure 6). The values ranged from 29 to 31 GPa. The Poisson's
ratio measurements did not exhibit any significant variation as a
function of aging time. The values ranged between 0.30 and 0.33.

The variation in the elastic modulus exhibited by these alloys
can be explained by changes in the microstructure. During aging, the
grain size, grain orientation (texture) and density remain unchanged.
Therefore, the precipitation of second phases is responsible for the
changes in elastic behavior.

The change in modulus of 1 GPa exhibited by the binary alloy is -
due to the increasing volume fraction of delta prime. Beyond 100
minutes aging the volume fraction of delta prime remains constant.
Coarsening of the delta prime has no measurable effect on the Young's

modulus. This has also been r, -orted by Brouss3aud and Thomas (6).
A volume fraction of 12.6 delta prime was determined using the

Guinier camera on a sample which had been aged 200 hours. This
corresponds well with a value of 11.5% calculated using the lever rule
with the miscibility gap data reported by Cocco et al. (7).

Using a linear rule of mixtures the modulus of the delta prime
can be calculated using the following equation:

E = f6E + (I - f6 -)(EAl • XCL ) . . . eq. 5.

E - measured modulus
fE 6' volume fraction- modulus of delta prime
EAI - modulus of aluminum

X - constant which depicts the dependence of the modulus of
the matrix phase on the amount of lithium in solid
solution.
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CSS- Lithium concentration in solid solution (6.25 at% at
metastable equilibrium)

EAl and X have been determined by a linear regression of data
reported by Muller et al. (8). They are 70.8 and 1.235, respectively. I
The modulus of delta prime calculated using the above equation with E
= 80.7 GPa is 97 GPa. This value is reasonably close to 106 and 96
GPa reported elsewhere (6,8,9).

Equation 5 was also used to predict the change in modulus as a
function of delta prime volume fraction. The lithium concentration in
the solid solution (Css) can be related to the delta prime volume
fraction according to the following equation:

CH (yLi - CLif 6 )/(G - f6 ) ....... eq. 6 ISS - f ' . . . .

yLi - total atomic fraction of lithium in the alloy

C i = 0.225 according to Cocco et al. (7).

Up to approximately 90 minutes aging, the unstretched ternary
alloys can be treated as two phase materials comprised of the solid
solution and delta prime phases. The aging kinetics of delta prime
can be described using an equation from Turnbull (10): I

f , f (I - (I + B (t + to ))-1/3 
.. . . . . . .. eq. 7

f -equilibrium volume fraction
f - volume fraction of 6' at time, t
t e t constant
B - constant.

This equation describes well the measured change in volume

fraction of delta prime up to about 100 minutes aging time. The
parameters used were f = 0.2, to = 2.7705 min. and B = 0.3196 min -1 .

Using equations 5, 6, and 7 the change in modulus for alloy 81
aged up to where Tl begins to rcecipitate was calculated (see Figure
7). One can see that 6 ' precipitation has only a weak effect on the
Young's modulus.

The increase in E beyond 90 minutes is caused by Tl
precipitation. A TI volume fraction of .7% was determined af-ter 4
hours aging using the direct comparison method. Assuming a linear I
rule of mixtures the modulus of T1 can be calculated using the

following equation:

Tl= (Emeasured - (f6 E 6+ fsSEsS))/fT1 " " " eq. 8.

Using constants from equation 5 for the modulus of the solid
solution (Ess) the TI modulus calculates to about 350 GPa. This value
is over two times higher than a rough approximation of the lower
bound performed earlier (14).

The drop in E occurs at approximately 8 to 10 hours aging time

with the precipitation of the icosahedral T2 phase. The data suggests
that T2 hc.s an extremely low intrinsic modulus because its volume
fraction appears to be small. From Figure 2 follows that the volume
fractio of delta prime at the longer aging times remains constant.
This inaicates that the '2 phase may grow somewhat at the expense of
the Tl phase but not at the expense of delta prime. It may also take
lithium out of solid solution, thus decreasing the modulus of the
matrix phase even fiuiLher.

The type of precipitates are the same in all three ternary

alloys. However, the kinetics of precipitation are different. The
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earlier onset of TI precipitation in the high copper alloy, 73, shows

up as an earlier increase in modulus and a larger difference between
starting and peak modulus condition. The latter may be explained by a
higher T1 volume fraction.

The modulus of alloy 73, stretched 6%, is 2 GPa lower than the
unstretched material (Figure 8). This is due to the increased amount
of dislocations in the stretched material which can result in

anelastic strain effects thereby reducing the measured modulus. There
is a more homogeneous precipitation of the TI phase within the matrix
at dislocation jogs (11). The increase in moulus in the stretched
material occurs at a shorter age time due to the increase ir the
kinetics of precipitation.

Although we did not experimentally observe an influence of
testing direction on the modulus, we calculated moduli for various
testing directions from elastic constant data published by Muller et
al. (8).

Linear regression analysis was performed to determine the elastic
constants of our alloys. Using these elastic constant values the
moduli are calculated and listed according to (12) in Table III, along
with pure aluminum from reference (13).

The highest modulus, as expected, is in the [1il] direction. The
maximum theoretical difference in moduli due to testing direction
(Emax) is only about half in aluminum-lithium alloys compared to pure
aluminum. From a theoretical point of view the Al-Li solid solution
alloys can be expected to be even more elastically isotropic than pure
aluminum. Figure 9 shows that even during aging there is no
directionality of the Young's modulus observable within experimental
error despite the fact that a well pronounced rolling texture is
present.

CONCLUSIONS

1. The Young's modulus increases only slightly due to the
precipitation of delta prime (about 0.1 GPa/vol%).

2. The Tl phase contributes positively to the elastic modulus.
Its intrinsic modulus is estimated to be approximately 350 GPa.

3. A maximum increase in E with aging time of approximately 5% can
be attributed to the precipitation of Ti, and to a lesser
extent of 6', for the alloys examined.

4. There is a significant drop in the modulus at the peak aged
condition (5%). It is associated with the precipitation of the
T2 phase.

5. Al-Cu-Li alloys which have been stretched 6% will show a
smaller, but faster increase in modulus upon aging. Earlier
occurrence of the TI phase and enhanced precipitation kinetics
are responsible for this phenomenon.

6. TheLe is no orientation dependence of the elastic modulus
observed in these alloys.
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TABLE I. ALLOY COMPOSITIONS

3 ALLOY Al Cu Li Zr Cu/Li ratio

w t%

73 94.79 2.24 2.31 0.16 0.97
90.55 0.90 8.51 0.04 0.11

81 96.32 1.07 2.47 0.14 0.43
90.51 0.43 9.02 0.04 0.05

82 96.64 1.06 2.17 0.13 0.49
91.54 0.43 7.99 0.04 C.05

Binary 97.85 2.00
92.60 7.36

I TABLE II. VOLUME FRACTION OF DELTA PRIME

Alloy Age time TEM Direct Comparison
at 190 C Method Method

(vol%)

81 4 hrs 11.2

81 8 hrs 7.0
81 8 hrs 11.0 14.0
81 8 hrs 6.5 14.0

81 20 hrs 13.8 -
81 20 hrs 13.9

81 100 hrs 13.9

TABLE III. THEORETICAL MODULI FOR SOLID SOLUTIONS

Alloy Crystallographic direction <hkl>

< 111> <110> <100> <112> Emax(%)

82 83.60 81.38 75.38 81.38 11%

3 Al 75.30 71.73 62.81 71.73 20%

I
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Figure 1. Profile of the occurrence of the delta prime, TI and
T2 phases in alloys 73, 81, and 82.
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Figure 2. The volume fraction of delta prime in alloy 81 after
aging at 190 C. (o) Guinier camera data; (*) SAXS data
normalized.
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Figure 3. Pole figures a) Alloy 73 (111), b) Alloy 73 (200), C)
Alloy 81 (111), d) Alloy 81 (200), e) Alloy 82 (111), and
f) Alloy 32 (200).
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Figure 4. Elastic modulus versus aging time at 190 0C of the binary
alloy.
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Figure 5. Young's modulus versus aging time at 190 0C for alloys 73, ---
81 and 82 in the longitudinal testing direction.
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Figure 6. Shear modulus vs. aging time at 190 0 C for alloys 73, 81
and 82.
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Figure 7. Elastic modulus versus aging time for alloy 81.
Experimental data is compared with a theoretical
prediction.
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Figure 8. Young's modulus versus aging time at 190 0 C of alloy 73
stretched 6%.
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of alloy 82.



I.

Scripta METALLURGICA Vol. 22, pp. 1553-1556, 1988 Pergamon Press plc
Printed in the U.S.A. All rights reserved

I
I

FRACTURE TOUGHNESS OF A1-Li-X ALLOYS
AT AMBIENT AND CRYOGENIC TEMPERATURES

K.V. Jata* and E.A. Starke, Jr.***Wiversity of Dayton Research Institute, Dayton, Ohio 45469

Department of Materials Science, University of Virginia,
Charlottesville, Virqinia 22901

(Received June 20, 1988)
(Revised July 5, 1988)

Introduction

Recent research on the mechanical behavior of some Al-Li-X alloys indicates
that the cryogenic fracture toughness in the L-T orientation could be
substantially higher than at room temperature (1-5). Similar to the 2219 Al
alloy (6) the yield and ultimate tensile strengths, fracture strain and strain
hardening exponents at cryogenic temperatures have also been observed to be
higher than at room temperature. Since there is a great interest in employing
the Al-Li-X alloys in the cryogenic temperature range in some advanced aerospace
vehicles, recent research has been directed towards obtaining an understanding
of the mechanisms that govern the improvement of fracture toughness. Severaldifferent mechanisms have already been proposed to explain the higher fracture
toughness at cryogenic temperatures. Briefly, the higher fracture toughness has
been attributed to:

(1) low melting point grain boundary phases which solidify at low temperatures
and remain liquid at room temperature (1,4);

(2) a larger number of crack delaminations perpendicular to the short transverse
direction or perpendicular to the fracture surface in an L-T oriented specimen
(2,5) and in plane crack deflections (5) at cryogenic temperatures; and

(3) higher strain hardening capacity at low temperatures (3).

Since Al-Li-X alloys are strengthened largely by coherent ordered
precipitates such as A13Li and Al2CuLi, planar slip is a dominant mechanism that
not only governs deformation mode but also the resultant fracture (7) through
transgranular shear fracture (slip band decohesion) and crack deflections (8).
In a previous publication, the'authors suggested that higher fracture toughness
in underaged alloys is due to slip dispersal, and lower fracture toughness in
near-peakage alloys is due to extensive slip localization. Depending on theaging treatment and alloy chemistry the fracture at peakage could be either
transgranular or intergranular. In either case, slip bands formed by precipitate
shearing largely contribute to the fracture process (7,9). Since higher fracture
toughness through slip dispersal or less slip localization is expected in these
alloys, it is the objective of the present study to examine the effects of slip
localization and dispersal on the fracture toughness of some Al-Li-X alloys at
ambient and liquid nitrogen temperatures.

Experimental Procedures

An experimental 2090 type aluminum plate, rolled to 12.7 mm thickness withactual chemical composition of 2.53Li-l.77Cu-0.5Mg-O.13Zr (Fe and Si 0.3%) was
obtained from Reynolds Aluminum Company. A second plate, 8090 type, (2.28Li-
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0.86Cu-.9Mg-.13Zr-0.13Fe-.06Si) rolled to 25 mm thickness was obtained from
Alcan International Ltd., U.K. The 2090 plate was solution heat treated at 823
K for one hour, stretched to 2% and then aged at 463 K for 4 and 8 hours. One
set was aged for 8.5 hours without stretch. The Alcan plate was received in the
T-351 condition and was aged at 463 K for 4 and 8 hours. Tension tests were
performed at a strain rate of 1*10 -4 s- , and 10.5 mm thick compa t tension
specimens were tested with a crack opening displacement gauge both %t ambient 1and liquid nitrogen temperatures. Although the thickness criterion was met in
some specimens, some stable crack growth was also observed in those specimens,
and thus the fracture toughness is designated as KO . Thin foils from fractured
tensile samples were examined under <110> and <112> zone axis and a (111) 2-beam
condition to obtain slip band width and slip band spacing from at least twenty
sets of micrographs. Fracture surfaces were analyzed with a scanning electron
microscope.

BeLuts a Discussion

Mechanical property data of 2090 and 8090 alloys at 300 and 77 K (Table 1)
clearly show An increase in the fracture toughness and the accompanied increase
in the strength, strain hardening exponent n and fracture strain.

TABLE 1
Mechanical Property Data at Ambient and Liquid Nitrogen Temperatures

Alloy YS YS UTS UTS KQ %el. n U
+ (MPa) (MPa) (MPa-mI )

Aging 300K 77K 300K 77K 300K 77K 300K 77K 300K 77K

2090
4 h 503 525 548 619 23 37 14 17 .06 .10
8 h 507 564 542 630 20 33 12 15 .04 .07
T-6
8 h 407 478 493 627 24 38 13 23 .09 .15
8090
4 h 387 392 456 542 35 56 9.4 16 .08 .09

8 h 406 411 464 566 32 52 9.4 16 .07 .10

As shown in Figure 1, the fracture toughness samples at liquid nitrogen
temperature exhibit deeper and larger numbers of delaminations normal to the
crack plane at all aging conditions and in both alloys. Fractography of the
samples revealsthe fracture mechanism to be slip band decohesion at both ambient
and liquid nitrogen temperatures. However, as shown in the micrographs Figure 2
(a) and (b), the transgranular shear or slip band facets are observed to he
consistently wider at 77 K. Transmission electron microscopy of thin foils
obtained from fractured tensile samples showed wider slip bands and smaller slip
band spacing at 77 K, Table 2. These results are consistent with the
observations made before on Al-Li-X alloys, where higher strain hardening
exponents and wider slip bands (SBW) with smaller spacing (SBS) resulted in
higher fracture toughness (7).

The present results suggest that the fracture toughness improvement at
liquid nitrogen temperature could be explained by the deformation processes that

occur in the Al-Li-X alloys. From Tables 1 and 2, it is clear that the increase
in strain hardening capacity and total elongation at 77 K is related to wider
slip bands and smaller slip band spacings. At 300 K where slip localization is
more prevalent, i.e., narrower slip bands and larger spacings, a decrease in the
strain hardening exponent and fracture strain occurs. In notched specimens, such
as a compact tension specimen, the crack initiation process is controlled by the
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FIG. 1. Fracture surfaces of compact tensions tested at (a) 300 K and
(b) 77 K.

I I... ,,,

3 a -

FIG. 2. Fractography of compact tension specimens tested at (a) 300 K and
(b) 77 K.

deformation process ahead of the crack tip. For a critical strain controlledfracture process, the ability to concentrate strain in the slip bands is a
critical factor. When slip is dispersed, such as at 77 K, larger numbers of
wider slip bands accommodate strain whereas at 300 K when slip is localized,
fewer and narrower slip bands (Table 2) accommodate strain. Thus at 77 K, the
critical strain in one of the potential slip bands where cracks initiate isreached at a later stage when compared to that at 300 K. Following a previous
model for fracture toughness of Al-Li alloys (7) in terms of slip band width
(SBW) and slip band spacing (SBS), fracture toughness at 300 and 77 K is
calculated for the 2090 alloy using

KIc S [ SinSa E ys D (sBW) ()cC] 1/2

where E is the Youngs modulus, a s is the yield stress, D is the plastic done
width, SBW is the slip band widtx and SBS is the slip band spacing and (e is3 the critical fracture strain.

II
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Although delaminations exist in samples tested at 77 K the material between
the delaminations still acts as a notched fracture specimen except that it is
now in the plane stress condition due to reduced thickness. The deformation
processes that control the fracture toughness in the Al-Li-X alloys, as
described in detail in cf. (7) are still applicable. The previous model (7) has
been used here to calculate the fracture toughness values and are shown in Table
2.

TABLE 2
Calculated and Experimental Fracture Toughness Values

Alloy SBS SBW Ko(meas.) KQ(calc.)
+ 300K 77K 300K 77K 300K- 77K 300K 7al K

Aging MPam / 2  MPam I K

2090
4 h 1.8 1.07 .26 .45 23 37 19.13 47
8 h 2.1 1.22 .20 .36 20 33 12 34
T6
8 h 1.25 .15 .29 .58 25 38 32 56

Conclusions

The fracture toughness of 2090 and 8090 alloys increases at liquid nitrogen
temperature. This is accompanied by an increase in yield and ultimate tensile
stress, strain hardening exponent, and fracture strain. A larger number of
delaminations occur at liquid nitrogen temperature. These delaminations cause
the specimen to behave as if it were under plane stress. However, the
deformation processes, i.e., less slip localization at liquid nitrogen
temperature when compared to intense slip localization at room temperature,
still control the fracture process. Less slip localization at 77 K results in
wider and closely spaced slip bands, whereas at 300 K slip bands are narrower
and widely spaced. The fracture mechanism at both temperatures is slip band
decohesion with larger facets at 77 K and smaller facets at 300 K.
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Introduction

The high strength, low density Al-Li-X alloys have been considered for
aircraft and space vehicle applications, including cryogenic tankage, during
recent years (1-5). Rolled plate of 2090- and 8090-type Al-Li alloys may
have a tendency to form delamination cracks extending in the rolling
direction during fracture (3-7). Some authors have suggested that the
delamination phenomena increases the conventional fracture toughness du to
'delamination toughening' (7), i.e., the L-T, L-S and T-S oriented specimens
show higher fracture toughness than S-L and S-T specimens. Moreover, recent

research indicates that the cryogenic fracture toughness in the L-T
orientation is higher than at room temperature (3-6) and is accompanied by-
an increase in the yield strength, UTS, strain to fracture and the strain
hardening exponent (3-5).

The objective of the present work is to examine the influence of precipitate
free zones (PFZs) and variations in the relative misorientations between
grains in the S-direction on the delamination behavior of an 8090-type alloy
at cryogenic and room temperature. Two conditions are investigated, i.e.,
one condition having a wide PFZ and the other condition with no PFZ. The
recently developed (8) and modified EBSP technique in the SEM (9) is employed
for micro-texture measurements. This technique is unique since it makes
direct correlations between the microstructure and the crystallographic
orientation possible on a macroscopic specimen (9).

Experimental

A rolled 8090-type aluminum plate with 25 mm thickness having an actual
chemical composition of Al-2.58Li-l.36Cu-0.86Mg-O.14Zr was used for the
present study. Two heat treatments were examined: Condition A, for which the
alloy was solution heat treated for 1 hour at 803 K (heating rate 10 K/h
between 793 K - 803 K), quenched and aged for 38 h at 450 K. This treatment
resulted in a pronounced PFZ. Condition B, was obtained by solution heat
treatment, quenching and then giving the alloy a 7% stretch before aging at
394 K for 96 h. No PFZ was present in this condition. The two conditions had
an identical hardness of 82 HRB (100kg) equal to the peak hardness for
condition A and about 3% below the peak hardness value for condition B.

Standard, flat tension specimens were taken both parallel and perpendicular
to the rolling direction and tested both at 298 K and immersed in liquid __=

nitrogen (77 K). Two specimens were tested for each variable. Standard CT
specimens (W=25.4 mm and B=12.7mm) with L-T orientation were prepared from
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the plate mid-section and tested in accordance to standard procedure (10) at
room temperature and at 77 K. Fracture surfaces were investigated in the
SEM. The spacing between fracture surface delaminations were carefully
measured in a stereo light microscope at 35X magnification. All
delaminations across the specimen in the crack initiation area were examined
on each specimen. From this extensive database, delamination spacings were
calculated for each condition.

The relative misorientations between neighbor grains in the S-direction on
planes containing the S and L directions were processed by using the modified
EBSP technique. A total of 543 and 255 grains were analyzed for conditions
A and B, respectively. Since there exists 24 possible solutions to describe
the misorientation between two FCC crystals, the relative misorientation
angle picked in each case wns that of the smallest value. From the
crystallographic information obtained (100) micro-pole figures weregenerated.

Results and Discussion

Optical microscopy of the two conditions revealed a predominately
unrecrystallized grain structure which in sections containing the S and L
directions consisted of pancake-shaped grains aligned in the rolling
direction. The average grain size in the S-direction was 12.9 Am, and the
grains consisted of equiaxed subgrains having a size in the range 2-6 Am.
The mechanical properties obtained for the two conditions at room and liquid
nitrogen temperature are listed in Table 1.

Table 1: Mechanical properties of conditions A and B at room

temperature and at liquid nitrogen temperature.

Cond. YS UTS %el. n K' K..
[MPa] [MPa) - - [MPa-m]

77K RT 77K RT 77K RT 77K RT 77K RT 77K RT

COND.A
L/L-T 490 453 658 577 15.5 7.6 .124 .096 36 25 41 33 I
T 436 426 534 539 16.0 7.4 .111 .100 . -

COND.B
L/L-T 483 466 679 548 21.2 5.7 .135 .084 36 36 48 43
T 429 420 608 522 15.0 8.0 .140 .085 - - - -

These data clearly show an increase in yield strength, ultimate tensile
strength, the strain to fracture, the strain hardening exponent, and fracture
toughness for both conditions at 77 K compared to room temperature tests.
This is in general agreement to literature data obtained on similar materials
(3-5). Condition A had somewhat higher RT strength and work hardening
capability than condition B, but the opposite appeared at 77 K. It is
worthwhile to note that the increase in the n-exponent for condition B was
much higher than for condition A as the test temperature decreased to 77 K.
Further, the RT ductility was about the same for both conditions, while the
PFZ-free condition tended to have higher ductility at 77 K, especially in the
L direction. Literature data on mechanical properties for PFZ vs. no PFZ
containing materials are very limited and a further interpretation of these
observations must incorporate many experimental observations, i.e., fracture
toughness and fatigue data, slip localization behavior, precipitate
structures and texture (11).

Further, in accordance with earlier reported findings, i.e. (5), the strength
for both conditions was highest in the L direction for both RT and 77 K.
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Another anisotropic behavior was reflected through the macroscopic fracture
mode, i.e., the L orientation showed a 45 degree shear fracture whereas the
T direction had a planar crack profile. These anisotropic phenomena can
probably be related to the deformation texture and the aligned
microstructure.

The fracture toughness in terms of K. or K0 was higher for condition B than
for condition A at RT and the same seemed to apply at 77 K. This is in
agreement with Charpy impact test results on a similarly aged 8090 alloy (1).
Detailed examinations showed that the delamination could be described by a
'fine delamination' whose spacing and frequency were independent of both
aging treatment and testing temperature and a 'coarse delamination' whose
spacing and frequency were dependent on both aging treatment and testing
temperature (Table 2).

TABLE 2: Average delamination spacings for conditions
A and B at room temperature and 77 K.

Condition A Condition B
i RT 77 K RT 77 K

'Coarse delamination ' 0.55 1.00 2.20 1.04
spacing (mm) +/-.19 +/-.22 +/-.78 +/-.15
'Fine delamination ' 0.25 0.25 0.27 0.22
spacing (mm) +/-.13 +/-.01 +/-.06 +/-.06

The relative misorientations between neighbor grains in the S-direction
towards the plate center are plotted for both conditions in Figure 1. These
curves were obtained using the cubic spline function fit. For both
conditions it is seen that the curve drops to a low from a high
misorientation angle (or rises from a low to a high misorientation angle) in
some sort of periodic manner. The average spacing between these periodic
events was 0.24 mm and 0.21 mm for conditions A and B, respectively (i.e.
'event'= the fitted curve is respectively above and below the upper and lower
standard deviations). The 'fine delamination' having an average spacing of
0.25 mm, correlated very closely to periodical events of high to low relative
misorientations of grains in the S direction. Although the coarse
delamination spacing is quite different for the two aging conditions at room
temperature, it is roughly the same at liquid nitrogen temperature. This may -
be explained by the different contribution of the Peierls stress at room and -
liquid nitrogen temperatures (11).

Fractographic work and studies of the electropolished surface of tensile
specimens showed that condition A tended to deform both by intense slip
localization in slip bands but also in the PFZs. Intergranular failure,
including intersubgranular crack growth, occurred at both room temperature
and at 77 K. The intergranular mode seemed to be more important to the

fracture processes than the decohesion of slip bands. Condition B with no PFZ
seemed to fracture more along slip bands than by ductile growth processes
along grain boundaries. The fractographic studies of condition B showed
domination of slip band decohesion both at room and cryogenic temperatures.
In general the slip line patterns showed an increased homogeneity at 77 K in
both conditions.

The delamination fracture surfaces reflected the general deformation
processes, i.e., intergranular growth plus slip localization, and slip
localization, causing slip band decohesion for conditions A and B,3 respectively (Figure 2). However, some delamination cracks in condition B
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were also associated with intergranular processes, but most tended to be of
the slip band decohesion type of failure.

As seen from the (100) pole figures (Figure 3), the texture consisted of
three components, i.e., the brass, Cu and S components. A more detailed
study of the development of the texture going from t/4 towards t/2 (half
plate thickness) indicated that the brass component tended to be more
developed in the plate center region than at t/4. This is in agreement with
findings on a 8090-type of alloy recently reported (12). In general, the
texture seemed to be more pronounced in positions close to the plate center I
than at the quarter plate thickness position.

Conclusions

The present study on a 8090-type Al-Li alloy shows that the tensile, fracture
and strain hardening properties increase as the test temperature decreases
from room temperature to 77 K. The delamination behavior can be characterized
by (i) a 'fine delamination' whose spacing is Independent of both aging
condition and test temperature, i.e., 77 K and room temperature, and (ii) a I
'coarse delamination' whose spacing varies both with aging condition and test

temperature (RT and 77 K). However, the coarse spacing is roughly equal for
the two conditions at 77 K. The spacing of the 'fine delaminations'
correlates very closely to periodical events of high to low relative I
misorientations of grains in the S direction. The fracture processes of the
PFZ-containing condition includes slip localization both in slip bands and
in the PFZs giving intergranular failure. In the PFZ-free condition the
fracture process is dominated by slip localization in slip bands giving slip
band decohesion. The latter condition has better cryogenic properties than
the PFZ-containing microstructure.

Acknowledgement

This work was sponsored by the U.S. Office of Naval Research under contract
no. N00014-85-5-0526. The authors would like to thank contract monitor Dr.
George Yoder for his interest and support.

References 3
1. E.A. Starke, Jr., ICAS Proceedings 1986, eds. P. Santini and R.

Staufenbiel, American Institute of Aeronautics and Astronautics, Inc.,
New York, p. 934 (1986).

2. W.E. Quist, G.H. Narayanan and A.L. Wincert, Aluminum-Lithium Alloys,
eds. T.H. Sanders, Jr., and E.A. Starke, Jr., AIME, Warrendale, PA, p.
313 (1981).

3. K. Jata and E. Starke, Jr., Scripta Met. 22, 1553 (1988).
4. J.W. Morris, Jr., and J. Glazer, Lecture at the 1988 Int. Cryogenic I

Mater. Conf., Shenyang, China (1988).
5. J. Glazer, PhD Thesis, Lawrence Berkeley Lab., University of California,

July 1989.
6. K.T. Vankateswara Rao, H.F. Hayashigatani, W. Yu and R.O. Ritchie,

Scripta Met., 22, 93 (1988).
7. K.T. Vankateswara Rao, W. Yu, and R.O. Ritchie, Met. Trans. 20A, 485

(1989).
8. D.J. Dingley, Scanning El. Micr. 2, 569 (1984).
9. J. Hjelen and E. Nes, Proc. 8th Int. Conf. on Textures of Materials,

AIME, Warrendale, PA, p. 597 (1988).

10. Standard ASTM E399-83.
11. H.J. Roven and E.A. Starke, Jr., "Effects of PFZs, Deformation Mode and

Texture on Mech. Prop. of 8090-type Al-Li alloys at Cryogenic and Room
Temp.," to be published.

12. A.W. Bowen and P. Holdway, Proc. 10th Riso Int. Symp. on Mat. Sci.,
Denmark, p. 283 (1989). 1



I.•

I
Vol. 24, No. 2 DELAMINATION BEHAVIOR 42S

I

Distance From Plate Center (mm)
50 40 30 20 10 00

I7000

IM
r~ ,0 00 f

't 0 . .. . :. . . ... . L

o oo

T 2000 Sucesi

2000 0000Q) f 19 3o

000 00 0 0o 20O0 000 4000oo

Successive Grain # to Plate Center

(a)

Distance From Plate Center (mm)
0 50 40 30 20 10 00

I6000 . 0 3

I __o .

2000 i
. , 000

€' SO .232
0 0

-U100!I, ,

I ~ ~~~ ~~0 la !Or O 00 O r< 0 $~
}

O

Successive Grain #to Plate Center

(b)

Figure 1 Relative misorientation between grains in the S direction vs
distance towards the plate center (obtained from section containing S and L
directions). (a) Condition A, and (b) Condition B.I
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(a) (b)

Figure 2: Delamination fracture surfaces viewed with specimen tilted 35
degrees. Liquid nitrogen test temperature. (a) Condition A: intergranular
ductile void growth plus intense slip localization. (b) Condition B: intense
slip localization and decohesion. -
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Figure 3: (100) pole figures obtained from the EBSP technique.I(a) Condition A; 543 grains (b) Condition B; 255 grains.
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THE ROLE OF TRACE ALLOY ADDITIONS ON PRECIPITATION3 IN AGE-HARDENABLE ALUMINUM ALLOYS

3 A. K. Mukhopadhyay, G. J. Shiflet and E. A. Starke, Jr.

Department of Materials Science

University of Virginia, Charlottesville, VA 22903

Asrc responsible for the catalytic role of many of these trace

Abstract additions are still undetermined. Consequently, no decisive
rules are available to predict which trace element may beThe application of most age-hardenable aluminum chosen for a specific purpose. As was noted by Kelly and

alloys requires that they have both high strength and fracture Nicholson (3), "the effect of the trace additions are
toughness. Studies have shown that this is best accomplished qualitatively understooe but their mode of action is unknown",
when the strengthening phases are fine and uniformly or as was noted by H .dy (4), "it is necessary to discover
distributed throughout the matrix and there is a minimum of whether or not trace element effects in precipitation reactions
coarse grain boundary precipitates. Often a preaging are specific to certain precipitates". A complete understanding
deformation is applied to promote nucleation of the of trace element effects in precipitation hardening systemsstren thening phases by providing nucleation sites in the form requires that many systems be identified and investigated.
of dislocation structures. The preaging deformation also affects
the aging kinetics in such a way that the time at the aging
temperature can be reduced which reduces the volume fraction
and size of the deleterious grain boundary precipitates. For Role of Nucleation
some alloy systems and/or product forms a preaging
deformation is impractical and other methods must be utilized. In the formation of new phases (in this case
In many aluminum alloy s trace element additions may precipitates) nucleation can be homogeneous or heterogeneous.
stimulate nucleation of finer dispersions of strengthening Unless the new phase can be proven to be homogeneously
precipitates. Such potential benefits have been knowD for many nucleated it should be considered to be formed
years although there is no consistent theory to explain the heterogeneously. This is particularly true if there is a change of
effect of such additions to aluminum alloys. This paper reviews lattice parameter and/or a matrix:precipitate misfit >2%. As
the results of previous research on trace additions and catalogs common nucleation sites are grain boundaries, dislocations and
the results according to the specific role that the trace addition interphase boundaries, it would be necessary to examine the
plays on the precipitation processA effect of trace elements on these defects. Although some trace

additions (e.g. Cu in At-Mg-Si alloys), by preferential
interactions with vacancies, may reduce the rate of nucleation

Introduction we will only consider the case where trace elements greatly
increase the number of a specific precipitate type that alreadySince the recognition of the age hardening capability of exists at the same temperature and chemistry without the

an aluminum alloy containing copper and magnesium by Wilm trace addition. The emphasis of trace element effects on
in 1906 (1) and subsequently of the major principles nucleation would seem to be a safe assumption since the
responsible for such phenomena by Merica et al. in 1911 (2), increase in density of the particles is - result of nucleation
many complex aluminum-based alloys have been developed, kinetics and not growth kinetics.
Our current understanding of structure-property relationships What are the mechanisms available to small solute
suggests that optimization of the grain structure, the presence additions in increasing nucleation rates? They should revolve

I of fine and uniformly distributed appropriate strengthening around reducing AG*, the barrier to an embryo achieving
phases in the matrix, and a minimal presence of coarse grain critical size, and increasing N, the number of available
boundary precipitates in the final heat treated microstructure nucleation sites. In AG*the primary parame .rs include the
are keys towards obtaining attractive combinations of interfacial energy, the volume free energy, AG,, and theE mechanical properties. While the grain structure may largely volume strain energy, W.
be controlled by a suitable combination of dispersoids and Alloying additions can alter the misfit between the
mechanical and thermal processing, attempts to control the precipitate and matrix, e.g. in Ni-Al and Al-Zn-Mg alloys.
precipitate structure via variations of the heat treatment This effect is due to incorporation of solute into the emerging
conditions are often not feasible. Often a preage deformation embryo which changes its lattice parameter, and hence its
stretch is used to promote nucleation of the appropriate misfit strain. This can affect interfacial energy as well as
strengthening phases by providing nucleation sites in the form volume strain energy, leading to a reduction of AG*. Further,
of dislocation structures. The utilization of a preage strength, trace additions in the embryo may increase nucleation kineticshowever, has limitations on various product forms and with through electronic contributions (e/a ratio, to be discussed
various forming operations. An alternative approach may be later). If the altered phase is a latter part of a sequence of
the use of suitable trace alloying additions to stimu'ate metastable precipitates (e.g. 0') or the equilibrium phase,
nucleation of the strengthening phases. more of the available volume free energy will be consumed.A number of studies on the effects associated with trace Because nucleation is based on the statistical fluctuation of
additions to different Al-based alloys have been reported in atoms it is probably not correct to refer to the diffusional
the past several years, although the exact mechanisms segregation of a trace element to the embryo interface to
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I
reduce its interfacial energy as a basis of invoking homogeneous for the Cu-rich phase. However, the authors were unable to
nucleation. On the other hand, this mechanism can surely alter explain the slower natural aging. The influence of the elements
growth kinetics, closely adjacent to Sn in the periodic table on the aging

Dislocations can accommodate a high density of nuclei, characteristics of Al-Cu alloys was examined by a number of
as much as 106 on a cm. of dislocation line (5). The main investigators who found that small additions (- 0.012 at%) of
attribute of dislocations in encouraging precipitation is in Cd and Ir to an A1-4.5 tA% Cu alloy had the same general
teducing the volume strain energy, W, associated with the new effects (8). Age hardening curves shown in Figure 1 depict the Iphase. Because the strain energy associated with an edge catalytic effects of In on an Al-Cu alloy; the increase in both
dislocation is higher than that or screw dislocations, edge the rate of aging and the magnitude of hardening at two
dislocations are more effective nucleation sites. However, as different aging temperatures is significant (9). The catalytic
supersaturation increases, the effect is less pronounced. Since action of the trace element Sn on the 01 nucleation in Al-Cu I
the elastic strain field has an important effect on nucleation, alloys was supported by the calorimetric measurements of
trace element segregation to dislocations may amend this Polmear and Hardy (10), and Boyd and Nicholson (11). A
strain field which can favor certain precipitate misfit strains, major shift in the exothermic specific heat peak associated with
As embryos should all be coherent, minimization of volume 0, to a lower temperature when Sn was present suggested that
strain energy occurs. Depending on the sign of the misfit, 0' nucleation rates were increased by the presence of Sn in the Iprecipitates will form on the compressional or dilatational side alloy (10). Boyd and Nicholson (11) later showed that the
of an edge dislocation, at an appropriate distance from the addition of Cd to an Al-Cu alloy reduces the specific
core. interfacial enthalpy for 0' by a factor of approximately six.

Dislocations can influence nucleation in another way. Several explanations were provided for the two distinct
Precipitates that grow via the separation of a/ 2{110} effects, i.e. suppression of GP zone formation and acceleration
dislocations to partials a/6{112} (in aluminum, e.g., y in of 0' nucleation, which were thought to be the typical features
Al-Ag and Tl in Al-Cu-Li, referred to as the stacking fault associated with the trace alloying additions to Al--Cu alloys.
mechanism) might also be affected by trace alloying additions For the former effect, Hardy (4,9) first suggested that the largetrace mighen atoss abe afece trap trac atein saddisouteotos
since they may change the local stacking fault energy. An trace element atoms act as traps for the small solute atoms
increase of several orders of magnitude of T, precipitate (owing to the strain energy effects) thereby decreasing the
densities can occur in Al-Cu-Li by iitially plastically number available for GP zone formation. However, as was later
deforming the material before heat treatment (6). The reason pointed out by Kelly and Nicholson (3). there are two
for the large increase is not so much because of a higher objections to these theories: firstly, such a claster of solute
dislocation density due to the plastic deformation, but rather, atoms would act as a nucleus for a GP zone and becondly the Ithe increase in kinks in the dislocations because of dislocation relative concentration of the elements in the alloy require that
interaction that can lead to embryo formation. It might be each trace e!ement atom must trap several hundred Cu atoms.
possible that trace elements segregate to the dislocation and An alternative explanation by Silcock (12) was that theincrease the number of kinks and therefore the number of presence of strong trace element-vacancy binding preventsnucleation sites. excess vacancies from accelerating the diffusion rate of copper

A proven effect of trace additions on heterogeneous at ambient temperature. The high Sn-vacancy binding energy
nucleation is the formation of small precipitates (10-100 concept was supported by resistivity measurements of Kimura
Angstroms) uniformly in the matrix. The differences in crystal and Hasiguti (13) and transmission electron microscopy studies
structure between the particle and matrix insure a relatively of Nuyten (14). Silcock's interpretation is realistic since the
high energy interface at least at some fraction of the phase concentrations of vacancies and trace element atoms are
boundary. If the supersaturation, AGv, is everywhere the same comparable.
in the matrix then t.ese sites become ideal locations for the " "
nucleation of the equilibrium (or metastable) precipitate. This
is the mechanism observed f ; In additions to Al-Cu. For
reasons similar to nucleation on grain boundaries, interphase 140
boundaries provide a means to reduce AG* through the ---130 

J -destruction of the original interface. - 30 - . 1C I
It therefore seems that what the addition of trace .0

elements may do is to encourage two or more heterogeneous > 11o-
mechanisms to operate simultaneously. Site selection is 9 , ,
strongly dependent on undercooling and as supersaturation C0 - ""
increases an increased number of heterogeneous nucleation sites
are utilized. M so--- At -.4Cu

...... Al - 4Cu • 0 051n

30 I

Previous Work on the Role of Trace o om (Days)
Alloying Additions in Al-based Alloys A

The catalytic effects of trace additions of solute Fig. 1. Age hardening curves for AI-4Cu and AI-4Cu-0.05
elements on the precipitation processes in Al-based alloys are wt.%In alloys at 130 C and 190 C (9). *
reviewed. Table I summarizes such results. For the purpose of
this review, trace alloying additions of about 0.1 atomic
percent are considered. Hardy (9) and Silcock et al. (15) reported that although

the tensile strength of Al-Cu alloys is enhanced by cold work
Al-Cu Alloys before artificial aging, the Al-Cu alloys containing trace I

additions show the very unusual characteristic that their
The first published account of the role of trace alloying tensile properties are diminished. They suggested that a highadditions in age-hardenable Al-based alloys was due to Sully, density of dislocations introduced during cold work could

Hardy and Heal (7). They reported that the addition of 0.05 interfere with the normal action of trace additions in two ways:
wt% Sn to a commercial purity Al-4.5 "% Cu alloy showed a firstly, the trace element atoms may be adsorbed alongmuch lower response to natural aing but a marked increase in dislocations, and secondly, a rapid heterogeneous precipitation
properties after artificial aging. The authors suggested that the of trace elements upon dislocations, which would be
increased rate of artificial aging was associated with initial non-coherent, may occur. This implies that prior matrix
precipitation of Sn particles which subsequently acted as nuclei precipitation of the trace elements is necessary in a form that
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is capable of influencing the 0' nucleation. The presence of a free energy change than if GPZ or 0" had precipitated.
high density of dislocations in the matrix may also act as sinks
for the vacancies which would further hinder the matrix
precipitation of the trace elements.

There have been numerous attempts to explain the M,
accelerated aging response at higher than ambient
temperatures. Nuyten observed that during artificial aging 0'
nucleated heterogeneously on the dislocation loops that
resulted from the Cd additions. Other investigators (16,17)

* suggested a similar mechanism associated with Cu/Cd/vacancy
clusters. Hardy (8,9) and Silcock (12) suggested that prior
precipitation of Cd, In, and Sn particles could act as
heterogeneous nucleation sites for the 0' phase. Using X-ray
diffraction, Silcock et al. (15) showed that during elevated
temperature aging, the precipitation of 0' in Al-Cu alloys ,
containing minor additions is accompanied by the appearance
of some anomalous diffraction effects (designated P and In').
The P diffraction effects increased in intensity continuously
until the ternary alloys (Al-Cu-n,Cd,Sn) reached peak
hardness, whilst aging to beyond peak hardness increased the
size of the 0' platelets, removed the P diffraction, and
increased the In' diffraction intensity. The authors suggested
that the P diffraction effects were associated with a new (
interface structure between 0' and the matrix which formed by --
the absorption of the trace element atoms: "if the ternary
atoms were concentrated close to the surface of disregistry of
the 0' platelets with the matrix, i.e. the surface parallel to

(100] 0', it is very reasonable to assume that they would enter Fig. 2. Precipitation morphology in the beat treated (200
into the 0" (or the aluminum) lattice to allow improved C for 5 mins.) AI.4Cu-0.15 wt.%In alloy. <011>
registry between the matrix and 0' planes" (15). The authors aluminum orientation. (23)
lid note, however, that the origin of the P diffraction effects
were unclear and those from the tin-containing alloys (Psn)
were different from those of the alloys with Cd and In
additions. Al-Cu-Me Alloys

Sankaran and Laird (18) provided direct evidence for
the presence of Cd, In and Sn particles at the edges of I The effects of trace elements on the precipitation in
plates. The authors suggested that the trace elements first Al-Cu-Mg alloys were studied by Brook and Hatt (24) using
segregate and subsequent y precipitate at the edges of the 0' alloys containing alu.inum of different purities. They observed
plates. It may, however, be noted that no direct evidence for that high purity AI(3.3-4.0)Cu-0.2 &t% Mg alloys harden
the segregation of trace element atoms to the edges of 0' appreciably at 30 C by formation of both GP and ternary
plates, which is rather difficult to obtain, was provided by the GPB zones but at 165 C peak hardness is associated with 0"

authors. Other investigators (19-22) using TEM and EDX precipitation. In a comparable alloy, but containing 0.1 at.% Si
microanalysis showed that at the very early stages of aging as an impurity, a smaller amount of GP zones and no GPB
200' C for 1 minute) very fine In (Cd & Sn) precipitates form. zones were formed at 30 C. During aging at 165 C, 0''
he authors found no evidence for the segregation of trace precipitation was followed after 16h by 0' precipitation and P

element atoms around the periphery of 0' precipitates; rather, diffraction effects similar to those discussed earlier for
it was shown that upon subsequent aging these fine Al-Cu-In alloys. Brook and Hatt associated this observation
precipitates act as heterogeneous nucleation sites for the 0' with an electrochemical interaction between Mg and Si leading
phase. Our recent reearch (23) has supported this analysis. to the formation of the Mg2Si phase (24). These results led the

Figure 2 shows the precipitate morphology in an Al-4.0 authors to add Ge (0.19 at%) to the ternary Al-Cu-Mg alloy,
Cu-0.15 wt%In alloy which has been aged for 5 minutes at as the binary phase Mg2Ge also involves high enthalpy of
200'C after solution treatment and quenching. Association of formation. Although the amount of Ge (0.19 at%) used was
many of the 0' precipitates with fine "dark spots" (arrowed in higher than the usual amount of trace alloying element (i.e. <
the micrograph) is noteworthy, and such observations are 0.1 at%) being added, it is worth mentioning that compared to
similar to those reported by Suzuki et al. (19) in a similarly silicon, the Ge addition was found to have a much superior
treated material. Qualitative EDX-microanalysis on one such influence on the artificial aging response of the Al-Cu-Mg
"dark spot" revealed spectra of Al, Cu and In suggesting that alloys. The electron diffraction effects obtained from the
the "dark spots" are In-bearing precipitates (23). artificially aged Al-Cu-Mg-Ge alloy were also found to bea"

Our experimental studies, along with those of others, striking similarity with those found in similarly treated
suggest the following explanation for the role of trace additions Al-Cu-In alloys (15). These results indicate that the role ofI of Cd, In and Sn in A 1-Cu alloys. These elements (Cd,ln & Sn) the MgiGe particles in 0' nucieation may be similar to that of
have a higher binding energy with vacancies than either Al or the In-particles in Al-Cu-In alloys (19). Further studies by
Cu and trap the vacancies during quenching. Since the Brook and Hatt (24) revealed that the strength properties in
vacancies are associated with the trace elements they are not Ge bearing alloys remain almost unaffected by cold work prior
available to aid the nucleation of Cu-rich clusters at ambient to aging at 165' C, and that the presence of a much lower
temperature. During subsequent artificial aging fine amount of Ce (- 0.02 at%) in the material also accelerated the
precipitates of the trace elements form throughout the matrix nucleation process.
and the vacancies are released. The vacancies now become Later work on trace element effects in Al-Cu-Mg alloys
associated with the Cu atoms, accelerating their diffusion involved studies of the effects of trace additions of Ag (- 0.1
kinetics. The interfaces of the trace element particles serve as at%) on Al-Cu-Mg alloys of varying (Cu+Mg) concentrations
heterogeneous nucleation sites for 0' precipitation. The binary and Cu:Mg ratios. In ternary Al--Cu-Mg based alloys of
aing sequence, i.e. GPZ (discs) -4 0" (discs) -' 0' (plates) -# 0 commercial interest, hardening results from GP (Cu,Mg) zone
S (AICu), begins with 0' since heterogeneous sites are provided (i.e., GPB zone) formation and heterogeneous nucleation of the
by particle:matrix interfaces. This also yields a larger volume S phase on dislocation loops, helixes and dislocation structures.
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Siver additions to these alloys enhance the formation of more
stable GPB zones (25) implying that Ag has the effect of Al-Cu-Li Alloys
promoting the ordering processes within the zones; the latter Scauss a inremnt n hrdeing f te peciitaes.In ereStudies of the trace element effects in Al-Cu-Li alloyscauses an increment in hardening of the precipitates. In were first performed by Hardy (4). It was reported that the
addition, Ag has the remarkable effect of inducing nucleation irst perfred by Har y as-repo5ted t
of a homogeneously distributed cubic T phase in the material, tensile properties of commercial purity Al-4-.5)Cu-1 &A%
rather than the S phase (25-27). The particles of T phase Li alloys were greatly enhanced by trace addtions of Cd and
initially grow with increasing aging time but ultimately In, and were affected to a lesser extent by Sn. It was suggested
dissolve in favor of S precipitates which are more finely that besides the preferential nucleation of 0' in the Al-0
distributed in the microstructure compared to that in the system by Cd, it is highly likely that Cd exerts a dominant
similarly treated Ag-free alloys (25-27). catalytic influence on T, (Al2CuLi) nucleation (4). The TB

Further studies revealed that the influence of Ag phase was not found to be influenced by Cd and this led Hardy
additions on the ternary Al-Cu-Mg alloys is sensitive to alloy prefer conclude that the ability of Cd to brng about
composition (Fig. 3) (28). For example, when the alloy preferential nucleation in Al-Cu-Li alloys is specific to certain
composition lies i ea + 0 + S) phase field, Ag additions precipitates, e.g. to the structural relationships between the
inucenuceation ofs in ea w phase d adit() precipitates and the matrix. The author (4) further showedinduce nucleation of a new phase (29--39). Ald and Vietz (29) that precipitation in an Al-4.4Cu-1 wt%Li alloy wasreported thatinfluenced by trace additions ( 0. t%) of Ga.
for various times in the range 150-350 C, the principal a
precipitating phase (later designated ' fl'l) is in the form of thin Later work by Silcock (41) showed that the aging
hexagonal-shaped plates lying on the 1111)AI planes which characteristics of Cd bearing Al-Cu-Li alloys are sensitive to

the lithium content in the material: additions of small
could be indexed as HCP with a A 4.96 and c = 8.48 A. quantities of Li (< 0.1 wt%) reduce the number of the 0'
Recent work by Knowles and Stobbs (38), and Muddle and precipitates, suppresses the Pd diffraction spots and gives rise
Polmear (39), however, showed that the f0 phase is in fact to a small increase in the number of the 0"' precipitates. The

decrease in the numbers of the 0' precipitates occurs only withorthorhombic with a = 4.9d, to = 8.59 and c = 8.48 h. The l small additions of Li up to 0.1%. The amount of 0' increasesphase is believed to be a slightly distorted and chemically with further additions of Li and there is only a little differenceoifevcerlt thories hav been propod rin the quantity of 0' between an allcy containing no lithiumSeveral theories have been proposed regarding the and one containing 0.5 wt% Li (41).formation of the 0l phase in the Ag bearing Al-Cu-Mg alloys. The first commercial Al-Cu-Li alloy, Alcoa's 2020,Muddle and Polmear (39) pointed out that it is the combined utilized the effect of minor alloy additions of Cd to enhance the
action of Mg and Ag which is effective in promoting the precipitation of 0" thus negating the need for a stretch prior to
formation of the f0 phase. Kerry and Scott (31) and Scott et al. aging. Le Baron (42) showed that the strength of Al-Cu alloys
(33) suggested that Mg and Ag lower the stacking fault energy
of aluminum and that stacking faults on {111}Al planes increased when lithium was added in combination with a

variety of trace additions, particularly Cd, but also Zn, Hg,
rovide nucleation sites for the f0 phase. Also, Taylor et al. Ag, Sn, and In. The nominal composition of 2020 was
34) suggested that Mg and Ag may segregate to {111} planes Al-4.5Cu-.lLi-0.5Mn--O.2 ut%Cd and the major
orming fine scale particles of the hexagonal Mg3Ag phase, strengtheningphase was 0'.
which serve both to nucleate the f) hase and determine the Silcock pointed out that in high Li-alloys (2-3 wt%),
morphology. Muddle and Polmear 39) further pointed out both Cd-free and Cd-containing alloys form approximately
that Ag partitions to the f) phase, and it is possible that Ag the same quantity of Ti, 6' and 0' precipitates after aging at
segregates to the fl/a interface, thus facilitating the fi 165'C. These results suggest that Cd does not have any
nucleation. However, Garg et al. (40) showed that the fi phase catalytic influence on precipitate nucleation in 'these high
forms in Al-4 Cu-O.5 Mg alloys during aging at higher lithium alloys when aged at 165' C. These effects coincide with
temperatures, and therefore, Ag is not required for the absence of any Cd-precipitate in Al-Li-Cd alloys
precipitation of the f) phase. The presence of Ag does, containing 6' or 6 precipitates (41). Implications of the above
however, greatly enhance the precipitation of f0 at the expense results are that prior formation of Cd-precipitates during
of 0'. The role of Ag on the fQ nucleation in high Cu:Mg alloys aging is necessary for any acceleration in the aging response to
is not known. be observed in these alloys, and that Cd additions to

commercial high lithium Al-Li-Cu alloys would not therefore
4 be beneficial. The latter interpretation is supported by the

more recent work of Blackburn and Starke (43) that Cd
O additions to an Al-Li-Cu based AA 2090 alloy do not affect

3 the aging behavior of the alloy. The authors (43) further
o3_ ( + s _showed that Sn additions to these alloys are also without anyC' I influence, whilst In additions do improve the peak-aged

j , Istrength properties significantly by increasing the number2 3, +S ,' a density and homogeneity of both T and 0' precipitates. Our
I recent results (23) suggest that In plays the same role in the
o , , ,nucleation of T, in Al-Li-Cu alloys as it does in the nucleation

,' a+S+T of 0' in Al-Cu alloys.
-,The microstructure developed in an AA 2090 alloy with

------ ...... In additions aged at 250"C for 5 minutes is shown in Figure 4.I" In addition to the spherical AI3Li 6' phase, the micrograph
0 1 2 - 3 4shows the presence of AI3Zr (/3') and T, phases. Close1 2 3 4 examination of the micrograph reveals that many of the T,

Magnesium (Wt. %) precipitates are associated with the fine "dark spots".
EDX-microanalysis on one spot suggested that they are

Phase B oundaies a t o0 C In-bearing precipitates. Given the existence of a ternary
------ Possible Phase Boundanes at 9oc Al-Li-In phase (44), the In-beanng precipitates obseived are

likely to be different from those found in Al-Cu- Tn or Al-Cu
Fig. 3. Isothermal section of the AI.Cu.Nig system (28). alloys. However, the present observations, i.e. association of

the T, phase with the In-precipitates, suggest that In-bearing
precipitates act as effective nucleation sites for the T, phase.
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Such an interpretation is supported by the results of Blackburn alloys) whose response to aging is high and whose strength is
and Starke (43) that trace amounts of In in 2090 greatly unaffected by prior cold work, so that large effects are not
increase the number density of Ti precipitates. We suggest expected from the introduction of trace elements (4). However,
that the mechanism is very similar to that which occurs in Hardy's conclusion implies that trace additions only affect
Al-Cu alloys containing In and/or Cd. strain and/or interfacial energies and not the volume free

One recent study of trace element effects in energy or stability of the precipitate.
Al-Cu-Li-(Mg) alloys explained the influence of Ag additions Polmear (50-54) showed that trace additions of Ag to
(0.4 wt%) on the aging characteristics of Al-4 Cu-(0.13-2.5) Al-Zn-Mg alloys (of varying compositions) enhances the aging

Li - 0.3 wt% Mg alloys (45). Polmear and Chester showed that response, particularly at high aging temperatures, furthermore,
the hardness of these alloys (at 200" C) is very sensitive to the the effect of A is not destroyed by cold work prior to aging asLi content in the material and that the hardness increases in Al-Cu-Cd In,Sn)alloys. Ag additions to Al-Cu alloys, on

progressively with increasing amounts of Li up to 1 wt%. A the other hand, were aiso found to have no "trace element"
smaller response to hardening was observed in the alloy effects (55). It was then realized that the action of Ag in
containing 2.5 wt% Li. This study showed that Li additions to Al-Zn-Mg alloys is different from those of Cd, In and Sn in
Al-Cu-Mg-Ag alloys always have the effect of reducing the Al-Cu alloys. The distinctive effects of Ag in Al-Zn-Mg
number density of the fl phase, whereas at Li levels c< 1 &t%, alloys may further be described as follows: a) compared to Cd,
0' plates are more finely distributed compared to those in the In or Sn, a relatively higher amount of Ag is required to obtain

Li free alloy. Lorgan and Pickens (46) investigated the effect of the relevant trace element effects. b) Ag additions to
Li concentration on an A--6.3 Cu-0.4 Ag-0.4 Mg-0.14 Al-Zn-Mg alloys do not suppress GP zone formation, rather,
Zr-Xt% Li alloy and observed that peak strength occurred at Ag is known to be absorbed into the zones and produces an
a Li concentration of -1.3 wA.%. The major strengthening in acceleration of aging with stimulation of the formation of the
the 1.3% Li alloy was T, which precipitated uniformly intermediate 17' phase. c) Overaging is reduced, and higher
throughout the matrix. Cold work prior to aging had very little strength is obtained at higher temperature ranges. d) 17'
effect on the T, phase in the alloy studied. The role that Ag precipitates are refined and the PFZs adjacent to the grain
may play in increasing the nucleation frequency of some boundaries are greatly reduced. These results point out that
strengthening precipitates in aluminum alloys will be discussed the role of Ag in Al-Zn-Mg alloys is to enhance both the
in detail in the next section. nucleation frequency, as well as the stability of the 7

precipitates.
-N 1 As was described earlier in this paper, the efficiency of

the GP zones to act as the nucleation sites for more stable
precipitates in the aging cycle depends on the stability of the

4, GP zones at the aging temperature of interest. The reduction
Uin PFZs adjacent to the grain boundaries in Ag-bearing alloys,

therefore, implies greater stability of the GP zones nucleated
near the grain boundary region and that excess vacancies are
not necessary for homogeneous nucleation at temperatures

I* higher than the critical temperature, T, in Ag-free alloys (56).
Such an interpretation is consistent with the findings ofP arker

a, (57) that the upper temperature limit of stability of these
zones is raised to 200' C from 120-140' C. The reason for the

M greater stability of the GP zones is understood to be due to the
promotion of internal ordering within the zones in the presence
of Ag (58): a higher Ag-Mg bond energy arising out of the

, " electrochemical effects is likely to play a key role in this
process. Precie mechanisms responsible for the ability of silver
to stimulate nucleation and guarantee the stability of r7' at

- higher temperatures in Al-Zn-Mg alloys are not fully
understood, although these effects have been suggested to
originate in an interaction between Ag atoms, Mg atoms and
vacancies because of the observed sensitivity of these alloys to
small changes in Mg:Ag or Mg:Zn ratios (52).

The a ing sequence in Al-Zn-M alloys, e.g. 7075, is:
Fig. 4. Precipitate morphology in the heat treated (250 GPZ (spheres ' (plates) -4 1( gZn2 plates or rods). The
C ror 5 mins.) AA 2090 alloy containing indium. <001> MgZn2 precipitate (which contain Al and u in 7075) is a IICP
aluminum orientation. (23) Laves-type phase. Laves (59) and Laves and Witte (60) have

shown that the size and valencies of the elements associated
with the compound are important factors in determining the

Al-Zn-Mg Alloys compound's stability. The most important factor appears to be
the number of valence electrons/number of atoms in the

Following the early work of trace element effects in compound. According to Engel (61,62) and Brewer (63), each
Al-Cu alloys, similar investigations were extended to cover a crystal structure is characterized by a definite (s+p) electron
wide range of potential Al-based alloys. In Al-Cu alloys, to atom ratio. The energy of a crystal structure is determined
effects of Cd additions were found not to be influenced by the by the promotion energies of electrons to the appropriate (s+p)
presence of magnesium and, therefore, Cd additions were made configuration and the bonding energies of all the (s+p) and
to 7000 series Al-based alloys. However, Hardy (47)observed unpaired d electrons. The structure with minimum energy
that Cd additions did not affect the aging of wrought represents the stable structure. The importance of ea ratio on
AI-Zn-Mg and Al-Zn-Mg-Cu alloys. Indium and Sn the stability of Laves phases of particular crysta structure
additions were also found to have no catalytic influence on types may, therefore, be understood.
Al-Zn-Mg based alloys (48,49). These results led Hardy (4) to The e/a ratio in the MgZn2 phase is 2.0. This implies
conclude that if an alloy's strength is increased only slightly or that the stability of this phase is maximum at an e/a ratio of
moderately by aging, but raised appreciably by cold work 2.0. Both Mg and Zn are divalent, so, the presence of a third
followed by aging then trace additions may enhance the aging element within the MgZn 2 phase having valenry: ^'1-. .han 2
response in the absence of preage cold work. The implication would tend to destabilize the phase. Aluminum can dissolve
was that nucleation is already easy in alloys (e.g. in Al-Zn-Mg into the MgZn2 phase and hence in Al-Mg-Zn alloys the
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I
presence of trivalent Al in the MgZn 2 phase would tend to 3
increase the e/a ratio. Now, in the presence of monovalent Ag A-Zr
in the Al-Mg-Zn alloys, Ag also enters the MgZni phase and

would, therefore, restore the ideal e/a ratio. In other words, In binary A--(0.1-0.2) wt% Zr alloys, the nucleation of
any increase in the e/a ratio in the MgZn2 phase due to the metastable cubic Al3Zr phase (having L1 2 structure) of
trivalent Al would be compensated via a similar decrease in commercial interest is a sluggish process, and requires
the e/a ratio by monovalent Ag. The presence of Ag in prolonged aging treatments at higher temperatures for any
Al-Zn-Mg alloys would, therefore, increase the stability of the reasonable distribution of these precipitates to be obtained in
MgZn-based , phase. the microstructure (70,71). However, a small addition of Si

(0.1 wt%) to these AI-Zr alloys has been found to increase
Al-Mg both the rate of aging as well as the level of hardening (72-74) 3

by increasing the nucleation frequency of the coherent A13Zr
The poor aging response of binary AI-Mg based alloys phase. The exact mechanisms by which Si influences the Al 3Zr

is quite marked when compared with the similar behavior of nucleation, however, are not known.
other age-hardenable Al-based alloys. Polmear and Sargent
(64) showed that small amounts (0.025-0.08 at%) of Ag may,
however, induce hardening in several wrought AI-Mg based AI-Li
alloys which normally do not age-harden. Also, the effects of
Ag additions to binary AI-Mg alloys containing higher Mg In Al-Li based alloys, the major strengthening is d,,e to m
contents (7wt%), which age harden, were found to increase the precipitation of ordered (L1 2 type) and coherent 6 (A13Li) U
both the rate of aging as well as the level of hardening. These phases which form during or immediately after quenching
effects were evident in the medium temperature range i.e. throughout the matrix. Occasional nucleation of 6' upon
120-200 C (64-66). Using X-ray diffraction methods, Auld matrix dislocations, and at low angle subgrain boundaries in
(66) later investigated the structural changes associated with unrecrystallized wrought alloys has also been observed. In the 3
aging of Al-5 Mg-(0.5-1) wt% Ag alloys. It was found that at presence of trace additions of Zr, which is a common addition
lower temperatures and shorter times, the hardening is due to to Al-Li-X alloys for grain refining purposes, 6' precipitates
the formation of spherical Mg-Ag zones (having an AuCuI form heterogeneously on coherent A13Zr (Li 2 type) precipitates
type structure), and at higher temperatures hardening is due to (75,76) resulting in an apparent acceleration of the aging
the precipitation of a ternary T phase, Mg32(Al,Ag) 49 (66,67). process. The submicron intermetallic compounds, e.g. Al 3Zr,
These results reconfirmed the earlier work of Wheeler et al. which are utilized to control the grain structure in commercial
(68), who, however, pointed out that the Al-Mg alloys with aluminum alloys frequently provide interfaces for
even small additions of Ag should be regarded as ternary heterogeneous nucleation of precipitates. Often this has a
precipitation hardening alloys rather than alloys in which Ag deleterious effect in that it ii,, the "quench sensitivity" I
had a trace-element effect. of the alloys. For example large l. 0 2Si phases often precipitate

Effects of Cd additions (0.2 &t%) to Al-10At% Mg and on Al8 Mn in Al-Mg-Si alloys and the Mg(ZnCuAl) n phase
Al-10 Mg-0.2 wt% Ag alloys were studied by Kievits and nucleates on the AlIIMg2Cr dispersoid particles during slow
Zuithoff (69). The authors presented age-hardening curves cooling of Al-Zn-Mg-Cu alloys; both of these reactions
showing that Cd additions to the binary Al-Mg alloy do not remove solute and decrease the amount of strengthening
affect the aging behavior of the alloys whereas combined precipitate that forms during subsequent aging.
additions of Cd and Ag to the Al-Mg alloy markedly increase Trace amounts of Ge in an Al-2 wt.% Li highlight a
the aging response of the material compared to that obtained second effect (other than influencing nucleation sites) of
by an addition of 0.2 wt% Ag alone. The exact cause of these alloyed precipitates (77). Figure 5a illustrates intense slip
effects, however, remains unknown. bands in the matrix of a binary Al-2.2 &t.% Li alloy. At

-I[

Fig. 5. Deformation structure near the fracture surface of an AI.2 wt%[.i alloy. (a) Strain hocaliiation
in vicinity of grain boundary. (b) Sheared A131,i precipitates within slip band. (77)
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TABLE I
Effect of Trace Additions (<0.1 at%) of Solute Elements

on Precipitate Nucleation in Al-Based Alloys

Alloy System Trace Element Effects

Precipitate Cd In Sn Ag Si Zr Ga
Influenced

I Al-Cu (e') Large Large Large - - Small -

Al-Cu-Li (T,) Large Large - Not - Small Medium
(in the Known
absence
of 6')

Al-Cu-Mg (fn) - - Large - - -

Al-Zn-Mg (a') - - Large - Nega- -
rive

Al-Li (6') - - Large -

Al-Zr (,6') -- - - Large - -

higher magnification the shearing of b' along straight slip lines of the primary mechanisms associated with the trace element
(Figure 5b) demonstrates slip localization. When 0.2 ct.% Ge effects in Al-based alloys is that the trace elements firstI is added to the alloy the strain is uniformly distributed precipitate out early in the heat treatment cycle as elemental,
throughout the matrix (Figure 6a). Pinning of dislocations is or as binary or ternary precipitates (depending on the alloy
apparent in Figure 6b, and is due to the high density of evenly systems) and these precipitates in turn act as the potential
distributed Ge particles in the matrix, which because of heterogeneous nucleation sites for the intermediate phases of
significant misfit effectively block dislocation motion. interest during the aging heat treatments. This can allow the

bypass of one or more metastable precipitates and thus a more
Summary rapid decrease in supersaturation.

This is demonstrated in the role of In in AI-Cu-Li
The preceding review confirms that trace element based alloys together with the earlier results of the traceI additions in aluminum alloys can have a profound effect on the element effects in Al-Cu-Cd (/In or Sn) and in Al-Cu-Mg-Si

rates at which precipitates form. Also, the effect on nucleation (/Ge). Results show that aging enhancement in alloys
rates is not due to a single mechanism but involves augmenting containing trace elements is caused by the preferential
several heterogeneous sites in the matrix simultaneously. One nucleation of the intermediate phases of interest at numerousI,

Fig. 6. (a) Transmission electron micrograph showing germanium particles in AI.2.OLi.0.2Ge after
aging 3 h at 200 C. (b) Dark field TEM image ofdeformation structure in the matrix after stretching
2%. Note homogeneous dislocation structure and dislocations pinned at the germanium particles. (77)
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