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Introduction

Niobium aluminides and silicides as well as other intcrmetallic compounds ha,e

potential for use in advanced gas turbines where increased operating temperatures are

necessary to obtain the targeted performance goals. These materials will be subjected to a

variety of environments over a range of temperatures. Two of the principal reactants in

these environmernts are oxygen and hydrogen. This program has been concerned with the

effects of oxygen and hydrogen on niobium alloys and other selected intermetallic

compounds.

This program consists of two parts. Part I is involved with the effects of oxygen and

has been performed at the University of Pittsburgh by Professors G.H. Meier and F.S. Pettit.

Part II is concerned with hydrogen effects and has been performed at Ca-aegie Mellon

University by Professor A.W. Thompson.

The investigations involving oxygen were directed towards describing the conditions

which must be achieved in order to have continuous, protective A1203 or SiC2 scales

developed on niobium-based alloys and compounds, and other selected intermetallics, at

temperatures between 600 and 14000C. The studies concerned with hydrogen effects were

directed towards determining solubility limits, hydrogen uptake and permeation rates, and

the effect and degree to which hydrogen degrades the properties of these materials.

L Cr
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Part 1

Oxidation of Niobium Base Alloys
And Other Selected Intermetallics

Introduction

Nickel-and cobalt-base superalloys cannot be used for extended periods of time above

1100 to 1200C. An objective of this program is to determine the alloys that may have

adequate oxidation resistance for use at temperatures above this range. Furthermore, the

currently available titanium base alloys cannot be used above about 60(P-650 because of

creep and oxidation limitations. Intermetallic compounds are currently being considered for

a variety of high temperature applications because some of these compounds offer possible

improved creep resistance along with in some cases low density compared to state-of-the-art,

coated superalloys. However, the achievement of adequate oxidation resistance in the

systems which possess high specific strengths is a matter of coacern. In Figure 1 some of

the systems with potential for meeting these requirements are identified. The current

program has been involved with investigating the oxidation of the following intermetallics:

NbAl13, NbSi, TaSi, TiAl and MoSi. Subsequent sections of this report contain papers

which have been submitted for publication and describe the oxidation of these intermetallics.

In the following the *sic mechanisms important to the oxidation properties of intermetallics

will be presented Pnd key unanswered questions will be pointed out.
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Mechanisms For The Oxidation
of Intermetallics

The development of oxidation resistance in any alloy is based on the addition of an

element which will oxidize selectively and produce a protective surface oxide. The formation

of this surface layer requires that the oxide be more stable than the lowest oxide of the base

metal. Figure 2 indicates the free energies of formation of a few selected oxides. The

oxides A1203, SiO2, and BeO are of principal interest because they exhibit low diffusivities

for both cations and anions as well as being highly stable. Thus the addition of Al to Ni, as

in the case of aluminide coatings on nickel-base alloys, or Si to Mo, as in the case of MoSi2

heating elements, clearly satisfy the stability requirements. However, in the case of Nb- or

Ti-base alloys the oxides of the base metal are nearly as stable as those of Al, Si, or Be.

This results in conditions for which selective oxidation is not possible. It should be

emphasized that the determination of which oxide is more stable must take into account the

prevailing metal activities. Detailed analysis of this situation are presented by Rahmel and

Spencer(') for Ti-Al and Ti-Si alloys and LuthraO' for Ti-Al alloys. These analyses predict

that alumina scales are not stable in contact with Ti-Al alloys containing less than 50 at%

Al. This prediction has been verified experimentally by Misra€3) and results obtained in the

present investigation(4).

A second requirement is that the concentration of the element added for oxidation

resistance is sufficient for the formation of its oxide as a continuous external layer rather

than as internal precipitates. The two possibilities for the simple case where the oxygen

partial pressure is too low to oxidize the base metal are illustrated in Figure 3. Alloys with

low solute concentrations allow inward diffusion of oxygen which results in internal oxidation,
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Figure 3a, while for high solute contents the outward diffusion of solute results in the

formation of a continuous external layer of oxide, Figure 3b. The critical solute

concentration for the transition from internal to external oxidation has been expressed by

Wagner") a (17r *NDof (1)

~2D3 P

Here NoDe is the oxygen permeability in A, D. is the solute diffusivity, g* is a factor

determined by the volume fraction of oxide required for the transition (often near 0.3), and

VM and Vx are the molar volumes of the alloy and oxide, respectively. The solute content

required for external scale formation is seen to increase with the solubility and diffusivity in

the alloy. However, for most systems of interest, the oxide of the base metal can also form

in the ambient atmosphere and grows until the more stable oxide of the solute B becomes

continuous and stops the* growth of the "transient oxide". This situation is illustrated

schematically in Figure 4. The effect of transient oxidation on the transition from internal

to external oxidation of B has been analyzed by Gesmundo and Viani() who found that an

excess of solute above that predicted by equation 1 is required in the presence of transient

oxides. The amount of excess solute required is predicted to increase as the growth rate of

the transient oxide increases. The conditions assumed in the derivation of equation (1) do

not apply rigorously to the oxidation of intermetallics for several reasons which will become

apparent. Nevertheless, the above analysis provides a useful qualitative method to evaluate

the effects of variables such as temperature, composition, and atmosphere on the selective

oxidation process.
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Long term stability of the protective scale requires that the flux of solut to the

alloy/scale interface remains large enough to prevent oxides of A from becoming staUe.

PettitO, for example, found there were two critical concentrations for the formation of

alumina scales on Ni-Al alloys: one required for development of the alumina scale and a

larger one required to maintain its stability. Wagner(* has derived an approximate equation

for the concentration of solute required to maintain tWe growth of an external scale as:

[ID

Here k, is the parabolic rate constant for the growth of the protective scale and zB is the

valence of B in BO. Thus, the long term stability of a protective scale depends on the

thermodynamic and diffusional properties of the alloy immediately beneath the scale. This

can be particularly significant for the oxidation of intermetallic compounds with small

homogeneity ranges. Here the removal of the scale-forming element to form an external

layer immediately results in the formation of a layer of the next lower compound adjacent

to the oxide. This situation, which is in contrast to the smooth concentration gradient in the

alloy depicted in Figure 4(b), means that the properties of the lower compound determine

the ability of the alloy to maintain the growth of the protective oxide. Apparently some

compounds, such as MoSi €9(, provide a sufficient flux of Si to the oxide/alloy interface to

maintain the growth of a silica layer on MoSi2, as is illustrated schematically in Figure 5.

This is not the case, however for many systems as is illustrated for the oxidation of NbA]3 ('0

in Figure 5. The initial exposure of this compound results in the formation of a continuous
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alumina layer on the surface but the depletion of Al causes the next lower aluminide, NbAI,

to form beneath the oxide. This compound has been shown to be incapable of forming

continuous alumina "') and, indeed, the alumina breaks down and then begins to reform

under the Nb2Al layer and envelops it. This enveloped metal is eventually converted to a

Nb-Al oxide in the scale. Repetition of these processes results in a layered scale. This

process has been studied by Steinhorst and Grabke 1 ) and in the present investigationt using

acoustic emission which indicated cracking associated with each successive layer. It is not

yet clear, however, if the cracking is the cause of the breakdown of the alumina layer or the

result of the formation of Nb-Al mixed oxides which have become more stable in contact

with the alloy as Al is depleted.

EFFECTS OF TEMPERATURE

The effect of temperature on the select.,e oxidation process is determined by the

temperature dependence of all of the terms in equations 1 and 2 and that of the growth rate

of the transient oxides. Therefore, some systems form protective external scales more

readily at higher temperatures while others form them more efficiently at lower

temperatures. For example, Ni-Al alloys form protective alumina scales more readily at high

temperatures whereas y-TiAl forms alumina scales at low temperatures in oxygen but

forms mixed Ti-Al scales above about 1000OC " ).

The refractory-metal di-silicides generally form protective silica scales more readily

at high temperatures. For example, the oxidation rates of MoSi, at temperatures between

600 and 12000C are extremely slow as the result of the formation of a protective silica film (").
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However, the oxidation rates at 500C show rapid, breakaway kinetics. This breakaway can

result in disintegration of the specimen. This disintegration was first studied for MoSil by

Fitzer(") who termed it "pesting". The pest effect has been studied most extensively for

MoSi2, particularly by Berkowitz and coworkers(4 1' ) but the review compiled by Aitken("),

indicates .'^s occurrence in a wide range of intermetallic compounds. The basic

characteristics of the pest effect may be summarized as follows:

1. Attack is predominantly intergranular, often associated with grain boundary
hardening.

2. Exposure to a reactive gas, particularly 02, is required.
3. Rapid attack is preceded by an incubation period.
4. Disintegration occurs over a limited temperature range which varies from one

compound to the next.
5. Some compounds appear to be immune.
6. Defects such as cracks in the starting material appear to be required.
7. The detailed mechanism is still not fully understood.

The effect of temperature cycling can also have substantial effects on the selective

oxidation process. The rates of oxidation are generally comparable to the isothermal rates

for short times but scale spalling caused by thermal stresses which result from th: thermal

expansion mismatch between the oxide and alloy and which become larger as the scale

thickens eventually produce weight losses. The amount of degradation under cyclic

conditions generally is substantially greater than under isothermal conditions. Cyclic

oxidation data for intermetallic compounds are limited but those available for NiAl in

diffusion aluminide coatings on Ni-base alloys(1', Fe-silicides €9), and Ni-silicides(" ) indicate

similar behavior to that described above.
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EFFECTS OF ALLOYING ELEMENTS

The beneficial effects of third element additions on the selective oxidation process

are best typified by additions of Cr to Ni-Al alloys which promote external A120 3 scale

formation at substantially lower Al contents than those indicated by equation 1. The effects

of Cr additions are summarized in the isothermalP11) oxidation maps in Figure 6. The

explanation of these effects requires consideration of the influence of Cr on all of the

parameters in equation 1 and on the growth rate of the transient oxide. The predominant

effect of Cr is generally thought to involve reduction of the oxygen solubility, No, but other

factors must be important. For example, Si additions to Ni-Al alloys, which should decrease

N0 in a similar manner to Cr, actually retards the development of external Al 3 scales for

certain ranges of Al contents(). The cause of this retardation appears to be associated with

Si stabilizing phases in which Al diffusion is slower. Regardless of the exact mechanism,

these data indicate the need to consider all of the important parameters in analyzing third

element effects. Again, data for most intermetallic compounds are lacking but Cr and V

additions to Ti-aluminides€  and Ti and Cr additions to Nb-aluminides('2 have been shown

to promote external A12O, scale formation at much lower Al contents than those required

for the binary alloys. Figure 7(2) illustrated the beneficial affect Cr additions on the

formation of protective alumina scales on Ti-Al alloys.

Additional effects of alloying involve changes in the melting points of the alloys and

the oxide scales which form on them. For example, Figure 1 indicates that the amount of

alloying elements required to produce the Nb-Ti-Cr-V-Al alloys, which are marginal alumina

formers()6 , has lowered the melting point well below that of binary NiA. The melting
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temperature of the transient oxide scales which form on the alloys can also be greatly

affected by alloying additions as the selected list of oxide melting points and eutectic

temperatures in Table 1 indicates.

EFFECTS OF ATMOSPHERE COMPOSITION

The pressure and composition of the reactive gas atmosphere can have substantial

effects on the oxidation behavior of many intermetallic compounds. Figure 8, taken from

the work of Perkins and Packer(*, shows the effect of oxygen partial pressure on the

formation of continuous silica films on MoSi, as a function of temperature. The silica film

forms in an intermediate pressure range at each temperature. This type of behavior may

be understood by considering the vapor species diagrams for the Mo-O and Si-O systems,

Figure 9, which indicate the stable condensed phases and the partial pressures of the

important vapor species as a function of oxygen pressure. The "active" oxidation at high

oxygen pressures is associated with the formation of MoO in the scales which grows rapidly,

being liquid above 7010C, and prevents the formation of a continuous silica film. The

"active" region at low oxygen pressures, which also occurs for pure Sim", results from the high

pressure of SiO over SiO2 which leads to reactive vulatilization of Si oxides rather than the

formation of a protective film. The high volatility of MoO, indicated in Figure 8 results in

MoSi, being able to develop protective silica films at temperatures as low as 600(9) whereas

TaSi2 and NbSi, only form protective scales at temperatures well above 10000C because of

the low volatility of transient Ta- and Nb-oxides.
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Additional effects of the atmosphere can occur if it contains a second reactive

component, even the nitrogen in air. This effect is most striking for the oxidation of Ti-

aluminides. Protective alumina scales were formed on Ti-Al, exposed in oxygen, up to

temperatures near 9500C. However, the same exposures conducted in air result in the

formation of TiO2-rich scales which grow at rates orders of magnitude faster than the

alumina scalescM. This effect was originally shown by Choudhury et al.(") to be associated

with the presence of nitrogen as opposed to any other variable pressure. The detailed

mechanisms of the effect of nitrogen and the extent that it applies to other intermetallic

systems is in need of further study. However, it appears that the effect involves the

nucleation and initial growth of the scale on TiAl since preoxidation in pure oxygen develops

an alumina scale which remains protective when nitrogen is added to the gas 4). Kobayashi

et al. have also("1 ) reported that such preformed scales remain protective even under cyclic

oxidation conditions, although the frequency of thermal cycles was not severe.

Summary

Figure 10 presents an overview of the temperature to which alloy systems containing

intermetallic phases can maintain reasonable oxidation resistance. This 'diagram, which has

been updated from that published by Aitken" ' by the inclusion of data on Fe-Si and Ni-Si( 2),

is based on an approximate oxidation rate of 20 mg/cm in 100 hours for the most oxidation

resistant compound in each system. This representation obviously oversimplifies a very

complex body of data. The results from the present investigation(")> show that intermetallics

in the Nb-Si, Nb-Al and Ta-Si do not possess adequate oxidation resistance to be used at
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temperatures above 800C. Under certain conditions the intermetallic TiA1 is oxidation

resistant' ), and MoSi is very oxidation resistant over a range of temperatures but this

compound can undergo acceleration oxidation under certain conditions(". Figure 10 is useful

for qualitative comparisons. The temperature ranges where breakdown phenomena, such

as "pesting", have been reported are crosshatched in the Figure.

The basic concepts of selective oxidation apply to intermetallic compounds. However,

the details of the selective oxidation process for the compounds of major interest for high

temperature applications differ as a result of:

a. Generally low permeabilities for interstitials in the alloy.
b. Smaller differences in the stabilities of the oxides of the components.
c. Tight stoichiometry of many compounds.
d. Transient oxides which grow with linear or rapid parabolic kinetics.

The effects of oxidation temperature and alloying on the selective oxidation process

varies from one compound to the next depending on their relative effects on:

a. Solubility and diffusivity of interstitials.
b. Diffusivities of the metallic components.
c. Rate of transient oxidation.
d. Alloy phases stabilized.
e. Vaporization of metallic and oxide species.
f. Oxide and alloy melting.

The oxidation of some compounds is sensitive to the composition of the oxidizing

atmosphere e.g. the presence of nitrogen.
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Oxidation Resistance of
Intermetallic Compounds

Containing Niobium or Tantalum
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R.R. Cerchiara, G.H. Meier and F.S. Pettit
Materials Science and Engineering Department

University of Pittsburgh
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Abstract

Intermetallic compounds in the Nb-Al, Nb-Si and Ta-Si systems have been oxidized

in oxygen and in air at temperatures between 800 and 1400C. It was not possible to

selectively oxidize aluminum or silicon even in the intermetallics most rich in these two

elements. At temperatures in the vicinity of 80WrC some of the intermetallics degraded via

a pest type of oxidation. The oxidation behavior of the intermetallic compounds in these

systems is such that adequate oxidation resistance for practical applications cannot be

developed at temperatures above about 8000C.

Introduction

A number of intermetallic compounds are being investigated to determine if they

possess properties appropriate for consideration at elevated temperatures beyond the

temperature limits (- 10500-1200"C) of the current nickel-base superalloys. Numerous

mechanical properties, such as yield strength, creep strength and fatigue lives, are important.

Another important requirement is oxidation resistance. Since niobium and tantalum have

high melting points, intermetallic compounds with these elements are candidates for

development as high temperature systems. The oxidation resistance of alloys provided by
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scales of Nb2O, and Ta2O is very poor' since transport through these oxides is so rapid.

Intermetallics based on niobium or tantalum can be oxidation resistant therefore only when

another element is present which can be selectively oxidized. Moreover, the oxide of this

other element must be one through which transport takes place at rates consistent with

acceptable lives. The only elements that satisfy such requirements for temperatures beyond

10500C are aluminum and silicon. Both of these elements form oxides with large, negative

free energies of formation, which is necessary if selective oxidation is to occur, and transport

through their oxides takes place slowly compared to most other oxides. Chromium is

another element that has been used to develop oxidation resistance in superalloys to

temperatures of 10000C but it is not effective at higher temperatures due to the formation

of CrO3 gas.

The present paper is concerned with the oxidation properties of intermetallics based

upon the Nb-Al, Nb-Si, and Ta-Si systems. In attempting to develop alloys in which

aluminum or silicon is selectively oxidized, the standard free energies of oxides such as NbO,

and Ta2O, are still important because they must be substantially less than those of the oxides

that are being formed selectively. This is a factor that is less favorable for metals such as

niobium and tantalum compared to elements such as nickel or cobalt which are the base

elements used in superalloys. Standard free energies of formation as a function of

temperature of the oxides relevant to the oxidation the intermetallics of interest in this

paper are presented in Figure 1 where the standard free energy of formation for NiO is also

included for comparison. The . )ortance of the lack of a substantial difference between

the standard free energies of formation of the oxides that can be formed in the intermetallics
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of interest will be an important factor which will be discussed in more detail in the discussion

section of this paper.

The intermetallics NbAI,, NbSi. and TaSi2 were prepared by arc melting and drop

casting. Coupons, approximately 1 cm x 1 cm x 0.2 cm were cut from these castings,

polished through 600 grit abrasive paper, and ultrasonically cleaned. The specimens were

oxidized in oxygen or air at a number of temperatures between 800 and 1400C. A

microbalance was used to continuously determine weight changes as a function of time.

Oxidized specimens were examined using XRD, optical microscopy and scanning electron

microscopy.

To attempt to determine if cracking occurred in growing oxide scales, acoustic

emission was used. Cumulative counts were measured as a function of exposure time.

Previous studies have shown that these counts correlate well with oxide scale crackingr. A

wave guide was used to transmit the acoustic signal from the specimen to the transducer, as

shown schematically in Figure 2. This wave guide was a one millimeter thick, one meter

long platinum wire which also served the purpose of suspending the specimen in the furnace.

The specimen was attached to the wave guide with a fine spot weld. On the other end of

the wave guide a stainless steel cone was permanently welded to allow the transducer to be

attached. Platinum was chosen since it does not oxidize under the experimental conditions

used and does not undergo any phase transformation which could be a potential source of

acoustic emission. (Specimens which contain Si were studied using an alumina waveguide.)
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The acoustic emission monitoring system used, was the Dunegan/Endevco, 3000 series. The

acoustic emission signal is detected by a high sensitivity PZT transducer (Model S9204)

which has a frequency response over the range of 100 - 400 KHz. The transducer signal is

preamplified by a fixed gain of 40 dB (100 times) and passed through a 100 KHz highpass

filter. The preamplified filtered signal is then processed for count measurements for

amplitude analysis. For count measurement, the signal is further amplified and fed to a

threshold detector which sends a digital pulse to a digital counter each time the signal

exceeds the threshold voltage. The threshold voltage is fixed at one volt so the signal has

to be amplified such that the noise level is just below one volt to obtain the maximum

sensitivity. The digital counter accumulates all the pulses and displays them on a LED

window as AE counts. The digital signal is also converted into an analog signal to plot the

counts on a recorder.

Results and Discussion

Oxidation of NbA13

Several different heats of NbAI3 were studied. The heat identified as Loch/under 75

Al was niobium rich compared to the stoichiometric composition and a typical microstructure

is shown in Figure 3. Two phases were present. The major phase was NbAl, with a small

amount of Nb2AI at grain boundaries of the NbAl3. The heat, West > 75 Al, was just slightly

excess aluminum and in the microstructure a very small amount of aluminum could be

detected at the grain boundaries of the NbA 3. There was also some Loch/> 75 Al

specimens. The final heat, West + Si, contained 7.8 atomic percent Si and 67.2% aluminum.
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Since some of the aluminum was replaced with silicon, this heat was also excess niobium.

Results from weight change versus time measurements for the oxidation of the NbA 3

samples in oxygen ane in air at temperatures of 800 and 1100*C are presented in Figures

4 and 5, respectively. At 800C the weight gains for all specimens were much larger than

that for growth of protective scales of A1203. Those specimens with excess aluminum did not

oxidize as rapidly as those with excess niobium. The niobium rich specimens usually

disintegrated into a fine powder, Figure 6. This type of degradation was occasionally

preceded, Figure 4, by an incubation period of very slow oxidation. No disintegration of the

aluminum rich samples was observed but the oxidation of these samples was accelerated

compared to that for protective alumina scale formation.

Oxidation coupled with the disintegration of specimens has been observed during the

oxidation of other intermetallics cI") and has been named pesting by Fitzer-. Berkowitz and

coworkers have investigated the pesting of MoSi, €O). The oxidation of MoSi has been

studied by Bertziss et al.() at temperatures between 500 and 1400C. It was observed that

pesting of MoSi2 occurred in a narrow temperature range near 500"C. Above this

temperature a protective layer of SiO2 was formed and it was extremely oxidation resistant

to temperatures in excess of 14000C. Berkowitz did not observe pesting'in single crystals of

MoSi, and more recent work by Meschterm has shown that pesting does not occur in

polycrystalline MoSi which is free of cracks and fabrication defects. It appears that pesting

occurs when oxidation takes place at small defects in MoSi,. The oxidation process causes

cracks to initiate and grow at these defects. This form of degradation has been observed in

a number of intermetllics(I , Figure 7. In the case of MoSi, its oxidation resistance is
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resistance is poorest between 500 - 6000C. In this temperature range much MoO is formed

alon; with SiO2 and continuous scales of SiO, are not formed ('. The inability of

intermetallics to form protective scales may be a necessary condition, but not a sufficient

condition, for pesting.

Measurements of acoustic emission were obtained during the oxidation of NbAl,

under conditions that caused pesting. This was an aluminum rich specimen. The results are

presented in Figure 8. The number of counts are not very large but they are above

background and indicate that the intermetallic is cracking during pesting. Surface

photographs and a cross sectional view of this specimen after the acoustic emission

measurements are presented in Figure 9. the attack of the specimen is not severe and

pesting appears to be in the initiation stage that often precedes the rapid degradation of

intermetallics via pesting. The length of this initiation stage varies as can be seen in Figure

4. The duration of the initiation stage depends on the amount of defects which are present

in the specimen prior to oxidation.

At 11000C the weight changes are not extremely large, Figure 5, but still usually larger

than that for alumina growth. Results from acoustic emission measurements, Figure 10,

showed some cracking may have occurred during oxidation at 11000C. Cracking of the oxide

scale or in the alloy adjacent to the external oxide scale could affect the transient oxidation

which takes place prior to the development of a continuous A12O3 scale. The oxide scale

that formed upon NbA 3 during oxidation at 11000C in oxygen and in air was composed of

layers of NbAIO 4 and A1203, Figure 11. Grabke and coworkers have also observed such

layered oxide scales during oxidation of NbA3,( ). These investigators have observed
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intermittent acoustic emission signals during oxidation of NbA 3 and concluded that the

layered scale is formed by the development of a continuous A1O3 scale on this alloy which

cracks and the NbAIO 4 is formed upon oxidation of the aluminum depleted alloy beneath

the cracked A1203 scale. The results obtained in the current investigation are in agreement

with this proposal. The cause of the cracking has not been identified. The sequential layers

show that some selective oxidation of the aluminum must occur. The portions enriched in

niobium must be formed after the cracking although as discussed subsequently they may

cause the cracking.

Weight change data obtained for the oxidation of NbA 3 in oxygen at temperatures

between 9500 and 1400C are presented in Figure 12. The rates of oxidation increase with

temperature and those at 1250 and 1300 indicate that some cracking of the oxide is

occurring. The magnitudes of these weight changes show that selective oxidation of

aluminum in these specimens is not occurring. Analyses of specimens from these tests using

x-ray diffraction and optical metallography showed that oxides of both aluminum and

niobium had been formed. Typical microstructures are presented in Figure 13. In some

areas a continuous A1z0 3 scale appears to have developed beneath oxides that contain both

niobium and aluminum. In other areas the oxide is much thicker and alternating layers of

oxide rich in aluminum and niobium are evident. Preferential oxidation of the Nb2A1 phase

was always observed, Figure 14.

At temperatures where pesting does not occur continuous layers of A120 3 are not

developed upon NbA13. The results indicate that after some amount of transient oxidation,

continuous A110 3 scales do begin to develop but cracking of this layer occurs and niobium
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rich oxides are formed due to oxidation of the aluminum depleted substrate. Subsequent

oxidation leads to selective oxidation of aluminum with eventual cracking of the A1203 scale.

Consequently, the overall scale is composed of alternating layers of aluminum rich and

niobium rich oxides. This scale is not protective and the oxidation rate is unacceptably high.

The cause of cracking in the A1O scales as they begin to develop continuity is not

fully understood. The stoichiometric range of NhAl3 is very small and as aluminum is

preferentially oxidized the aluminum concentration cannot be reduced substantially,

otherwise Nb2Al will be formed at the alloy-oxide interface. The microstructures of oxidized

specimens show that a layer of NbA is usually present at the alloy-oxide interface which

shows that the oxidation reaction has caused the aluminum concentration to be decreased

to levels below those necessary for the stability of NbA,. The aluminum activity in NbAI2

is not available but preferential oxidation of this phase is always evident. It therefore

appears that aluminum cannot be selectively oxidized from NbAl2. Oxides of niobium must

develop beneath the A120 3 scale as this scale begins to develop continuity which causes the

A1203 scale to crack.

The results obtained for the oxidation of NbA 3 show that protective scales of AZO,

cannot be developed on niobium-aluminum alloys. Moreover some of the intermetallics in

this alloy system will pest when defects are present, such as small cracks. This alloy system

does not have sufficient oxidation resistance to be considered for applications at

temperatures above those of current state-of-the-art superalloys.
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Oxidation of NbSi2

When specimens of NbSi2 were prepared, it was difficult to obtain samples that were

completely free of some pores and small cracks. Upon heating such specimens to 800'C in

oxidation experiments, the specimens completely disintegrated. Alloys were also prepared

close to the composition of NbSi2 but with a smaJ amount of aluminum (i.e. Nb-SAI-62Si,

Nb-1OAI-57Si, atomic percent). These specimens did not disintegrate upon heating and

oxidation experiments were performed in oxygen at 8000 and 110WC. The results are

presented in Figures 15 and 16. The weight changes are large and selective oxidation of

silicon or aluminum could not have occurred. The oxidized specimens exhibited thick scales

containing large amounts of niobium, Figure 17, consistent with the observed large weight

increases.

The results obtained with the NbSi, specimens show that the silicon cannot be

selectively oxidized. The results also indicate that there are probably conditions for which

pesting will occur in this intermetallic. Intermetallics of the Nb-Si systems do not have

adequate oxidation resistance to be considered for use under conditions of the state-of-the-

art superalloys.

Oxidation of TaSi1

A photograph showing the microstructure of TaSi2 used in the oxidation experiments

is presented in Figure 18. This microstructure consisted of TaSi2 with some pure silicon at

grain boundaries. The observed microstructure is cojisistent with the Ta-Si phase diagram.

Results obtained for the oxidation of these specimens are presented in Figures 19 and 20
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where weight changes versus time are presented for oxidation in air and oxygen at

temperatures of 800 and 11000C. Data are also presented for a Ta-Si alloy where some of

the silicon in TaSi2 was replaced with aluminum (Ta-10%AI-57%Si). The substitution of

aluminum for silicon causes the major phase to become TasSi, rather than TaSi due to the

small stoichiometric range of TaSi2. The results obtained at 8000C indicate that pesting may

be occurring in TaSi2, Figure 19. Surface photographs and a cross-sectional view of a

specimen after oxidation are presented in Figure 21. The specimen is covered with a thick

scale containing silicon and tantalum in which large protrusions of a tantalum rich oxide are

evident. Acoustic emission results obtained during oxidation are presented in Figure 22.

The large number of counts show that cracking of the oxide and/or the alloy is occurring

during oxidation.

Inspection of the data presented in Figure 20 show that oxidation of TaSi2 is more

severe at 8000C than 11000C. This is consistent with the specimen pesting at 8000C. The

weight change data for oxidation of TaSi at 110W were small but examination of specimens

after oxidation revealed that the oxidation was not uniform. The surface of a specimen after

oxidation at 11000C is shown in Figure 23 and a cross-section is presented in Figure 24. The

specimen is covered in numerous areas with a thin layer of SiO but there are numerous

nodules of thicker oxide composed of tantalum oxides and silica. Cracks in the oxidized

specimen can be seen and oxidation has occurred at these sites, Figure 23. These nodules

may have been formed during the transient oxidation period and the silicon could be

selectively oxidized at 110°0C in TaSi2. The oxidation kinetics for the specimens with small
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amounts of aluminum are very large at 11000C. This is because the major phase is TasSi

and silicon cannot be selectively oxidized in this phase.

The results show that as in the case of NbA3 and NbSi2, TaSi undergoes pesting at

temperatures around 8000C. At 11000C silicon may be selectively oxidized in TaSi but not

in TaSi3. If tantalum silicides are to be used for systems more advanced than the

superalloys, they must be capable of withstanding some cracking and spalling of the silica

scales observed on TaSi2 at 1100C. Since TaSi3 will be exposed to oxidation when the oxide

cracks or spalls, tantalum silicides do not possess adequate oxidation resistance to be

considered as successors to the superalloys.

Concluding Remarks

Niobium silcides, niobium aluminides and tantalum silicides do not have adequate

oxidation resistance to be considered for high temperature applications (e.g. above 800) in

oxidizing conditions. Many of the intermetallics in these systems can degrade via pesting at

temperatures around 8000C. The pest type degradation requires the presence of small

cracks for initiation. Defect free materials apparently will not pest. On the other hand

many of the intermetallics based upon these elements are brittle and fabrication of defect

fret alloys is not easily achieved. Moreover, the use of defect free hardware under certain

conditions could result in the formation of defects and pesting could occur. While pest.ng

of these intermetallics is not a problem to be ignored, it is not the major obstacle preventing

their use at elevated temperatures. These intermetallics cannot be used because selective

oxidation of elements such as aluminum and silicon is not possible even in compositions that



12

are extremely rich in these latter elements. The major factors that appear to prevent the

selective oxidation of aluminum and silicon in these intermetallics are the rapid growth rates

of oxides such as Nb2O and Ta2O,, the relatively large standard free energies of formation

for these oxides, and the low activities of the elements to be selectively oxidized in these

intermetallics.
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NbA!3 24hr Oxygen WOC
Shows Result of "Pesting!"

Figure ~.Micrograph of NbA13 showing "pesting" after 24
hrs. oxidation in oxygen at 8000C.
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Figure 11. Cross-section of NbA . after 168 hrs. oxidation at
1100*C showing the development of a layered scale
of A120, and NbAlO,..
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Figure 13. Oxidation of alumninum-rich NbAl3 1100-14000c.
Top: 12001C - predominantly A120 3
Center, bottom: 1300,14000C - both scales contain

A11O., (dark) and Nb/Al oxide (licht)



Figure 14: Secondary electron image of the cross-section of NbA1
after 24 hrs. oxidation at 1.1000C (top) showing pref-3

erential attack of Nb 2Al at gr'ain boundaries. Backscat-
terred electron image2 showing alumina between an outer
N'DA10 4 and inner Nb 2Al layer.
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F~igure .17. Surface and cross-section micrographs of Nb-5AI-62Si oxidized in oxygen at 11000C.



Figure Ia.. Initial microstructure of TaSi 2 (dark phase is
elemental Si).
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Figure 21. Surface (top) and cross-section (bottom) of TaSi2after 168 hrs oxidation at 800eC. The lighter phaseis T&20, and the dark phase is Si.02.
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Figure 23. TaSj2 oxidized at 1.100 0C for 168 hrs. in oxygen
Top arid bottom: Surface wrrphology consists of
silica (dark) and Ta 2O05 (light)
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Figure 24. Cross-sections of TaS12 oxidized 3168 hars. at1100*C showing exclusive formation of a silica filmover Some areas (top) and Ta-rich nodules overothers (bottom).
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Abstract

The oxidation behavior of y-TiA has been studied in the temperature range 750 to

110(0 for aluminum contents which essentially cover the homogeneity range of TiAI (50 to

56 at % Al). Exposures were carried out in pure oxygen and various oxygen-nitrogen

mixtures. The oxidation behavior was found to depend on temperature, aluminum content,

and the composition of the oxidizing gas. Protective alumina scales formed in pure oxygen

up to a critical temperature above which scales consisting primarily of intermixed TiOz and

Al2O were formed and oxidation rates accelerated dramatically. This critical temperature

was found to increase with increasing aluminum content in the TiAI. Continuous alumina

scales were not observed at any temperature when nitrogen was present in the oxidizing gas.

The mechanism whereby nitrogen produces this effect was not completely defined but was

shown to be associated with the initial development of the reaction product.

Introduction

Alloys in the Ti-Al system are of interest for high temperature systems such as aircraft

engines because they have low density and, in the case of the ordered phases, substantial

high temperature strengths. However, the resistance of these alloys to oxidation and

interstitial embrittlement is a concern. Those alloys which form alumina scales have



excellent resistance while those which form titania-rich scales oxidize at rates which are

unacceptably fast for most applications. The alloys based on y-TiAl are generally regarded

as having potentially better oxidation resistance than those based on a,-TiAl. The oxidation

behavior of y-TiAl is the subject of this paper.

Oxidation of y-TiAI

Choudhury et al.() studied the oxidation of TiAl, having a nominal composition of Ti-36

w/o Al (50 at% Al), in oxygen and air over the temperature range 800 -12000. Specimens

were either cut from cast ingots or were obtained from the extrusion of pre-alloyed

rotating-electrode-process powders. Results obtained for the cast specimens indicated a

dependence on both surface preparation and the oxidizing atmosphere. Samples abraded

through 120 grit SiC exhibited kp values in the range of 10' g2cmir' when oxidized in O

at 95(0C. Polished samples, on the other hand, exhibited kp values of about 10 to 106

gcm'hr" under the same conditions. XRD analysis of the oxides indicated Al2O, as the

major constituent and TiC 2 as a minor phase in the first case while TiO2 was found to form

an external scale with a subscale of mixed A 20$-TiO2 in the latter. In addition, a Til layer

was observed between the oxide and the alloy. Extruded samples, oxidized under similar

conditions, displayed alumina forming kinetics regardless of surface preparation. Choudhury

et al. explained the behavioral difference in terms of macroinhomogeneities in the cast

structure which were absent in the extruded samples. Abrasion of the surface, in the case

of the cast specimens, may assist in the interdiffusional process, thus eliminating the in-

homogeneities more rapidly than is the case for the polished samples.



Oxidation behavior in air at 950'C was found to be independent of sample preparation

for both the cast and extruded samples with titania-forming kinetics (kp about 10' - 10'

g2cmihr') observed in all cases. In addition, it was found that i.ie oxide consisted of two

layers; an outer layer, which tended to spall readily at low temperatures, and an adherent

subscale. Further analysis of the oxide revealed a phase distribution similar to that for the

cast and polished sample oxidized in 02 at 9500C.

Oxidation kinetics for all alloys, regardless of surface preparation, at 1100 and 1200*C

indicated TiO, formation, with mixed TiOj-A1lO formation observed for oxidation at 800*C

in air. The transition from titania to alumina forming kinetics as a function of decreasing

temperature was determined to occur at a higher value when the tests were conducted in

an oxygen atmosphere with internal oxidation noted at the two higher temperatures.

The influence of alloying elements on the oxidation behavior of the base alloy revealed

that Nb and W aided in promoting the growth of AlO while Y and Ga favored TiO,

formation.

Choudhury et al. conducted experiments to determine the species responsible for the

differing behavior of the samples as a function of oxidizing atmosphere. It was determined

that CO, CO, and water-vapor impurities were not responsible. In addition, they eliminated

the compositional differences in O that exist between the two atmospheres. They concluded

that N2 was responsible for the increased rate of oxidation although no nitrogen containing

phases were identified in the scale or substrate. Further experimentation revealed a time

dependent increase in the oxidation rates for pre-oxidized samples subsequently oxidized in

air at 9500C. The role of N, in this process was found to be related to the breakdown of the

protective scale, thus allowing for the increased oxidation of the underlying phase, Ti)Al.



Although the actual mechanism by which N2 partakes in the oxidation process was not

determined, several possible mechanisms were advanced including:

1) N1 doping of an initial TiO2 scale resulting in more rapid oxygen transport to
the scale/TiAl interface such that the egress of Al cannot compensate,
resulting in the absence of continuous alumina formation.

2) The grain boundary diffusion of Nz through the oxide to form AIN or possibly
AlON at the scale/TiMA interface. This depletion of Al at the interface
likewise hinders alumina formation and leads to increased rates of oxidation
due to titania formation. To date, no indication of AN or AlON has been
observed in the resulting oxides.

I 3) N grain boundary diffusion through the scale to the scale/TiAl interface with
a subsequent stabilization of the Ti3Al layer with the reduced Al activity at the
interface promoting the growth of TiO2. As the oxidation process continues,
the growth of the TilA layer is controlled, on the one hand, by Ti,l oxidation
at the scale/TiAl interface and, on the other hand, by the rate determining
flux of either A diffusing from the Ti)A/alloy interface and undergoing
oxidation at the scele/TiAl interface or the N flux arriving at the TiAI/alloy
interface.

Lee and Waldman( recently reported that a Ti-32.4wt%Al alloy formed a layered

scale in air above 1000(C and internal oxidation above 1100(C. Mendiratta and Choudhury

reported that varying the Al-content of TiAl (36, 38.7, and 40 wt %;50, 53, and 54 at %) did

not affect the oxidation behavior.

Experimental

A series of tungsten arc-melted Ti-Al alloys with Al contents from 36 to 42 wt%Al

(50 to 56 at%Al) was studied. In some cases the alloys were exposed in the as-cast

condition and in others they were annealed for 24 hours at 11500C in Ar and furnace cooled.

No effect of heat treatment was observed on the oxidation behavior. Therefore, the data

will be presented withou specifying heat treatment. All specimens were polished through

600 grit SiC. Oxidation experiments were carried out in pure 02, air, tank argon containing

oxygen impurities at po, = 10' atm, and various oxygen-nitrogen mixtures at temperatures



from 750 to 11000C. The oxidation kinetics were studied using a Calm Model 2000

microbalance and the oxidation morphologies were studied using x-ray diffraction (XRD),

scanning electron microscopy, and energy-and wavelength dispersive x-ray analysis (EDS and

WDS).

Results and Discussion

Thermodynamics

An important aspect of the oxidation of Ti-Al alloys is the relatively small difference

in standard free energy of formation between alumina and the oxides of titanium which is

accentuated by the negative deviation from ideal solution behavior in the Ti-Al system. This

is illustrated in Figure 1 which plots estimated aluminum activities versus composition in

titanium-aluminum alloys at 1100K. It is seen that the aluminum activity is much smaller

than unity in the compounds of practical interest, Ti3Al and TiAl. In fact, combining these

activities with estimated titanium activities and standard free energy data for the oxides

indicates that TiO is more stable in contact with the alloy than is Al20 3 for atom fractions

of Al less than about 0.5. More detailed analyses of this situation are presented by Rahmel

and Spencer' and Luthra(5 ). The alloys in this study have Al concentrations high enough

that Al103 should be stable in contact with the alloy at 1100K. However, the A1103 is only

marginally more stable than TiO so any factor which lowers the activity of Al (such as

depletion in forming a surface oxide) can make TiO become the oxide which is stable in

contact with the alloy.



Effects of Temperature

Weight change data for Ti-40wt%Al (54 at %A]) are compared in Figure 2 for

exposures in air and in oxygen at a number of temperatures. In both atmospheres the

weight gains are low at lower temperatures and then increase drastically over a narrow range

of temperatures. For exposure in air relatively large weight gains are evident at 8000C and

above whereas in oxygen the large weight gains are only observed for exposure temperatures

above 950'C. Such results indicate that this alloy is forming protective A120 , scales for those

conditions where the small weight gains were evident. Examination of the surface

morphologies of the specimens exposed in air, even at temperatures as low as 7500C,

indicated continuous and protective scales of A,0 were not developed, Figure 3. Moreover

at temperatures of 850'C and above relatively thick scales, containing substantial amounts

of TiO, were apparent, Figure 4. In the case of exposure to oxygen, only an A1203 scale was

evident below about 9500C, Figure 5. However, at temperatures above 9500C nodules of

TiO started to form on the surface with their area density increasing as oxidation

temperature was increased, Figure 5, and by 1000"C these areas covered virtually the entire

alloy surface. Cross-sections through these nodules, Figure 6, indicated the scale morphology

was essentially the same as that formed in air.

In Figure 7 parabolic rate constants for the growth of A1203 and TiO3 scales are

presented as a function of reciprocal temperature. The rate constants for oxidation of Ti-

40wt%A1 are also included along with data from the literature for similar alloys. The data

confirms that Ti-40AI is not an AI,O-former above 9500C in oxygen. Furthermore, it may

not be an A10,-former when exposed in air at any of the oxidation temperatures studied

here. In the Ni-Al system a transition from nonprotective to protective alumina scales was



observed as temperature was increased(O. Evidently, in that system, the relative diffusion

rates of aluminum to the alloy surface and the diffusion of oxygen into the alloy can change

with temperature such that protective A120 3 is formed at higher temperatures. However, in

the case of TiAI in oxygen the transition goes from protective to nonprotective behavior as

temperature is increased. The differences between the two cases is that Al) 3 is much more

stable than NiO. In the Ni-Al case the transition from protective to nonprotective behavior

involves the formation of internal aluminum oxide particles, which is controlled by diffusion

processes. The transition from protective to nonprotective behavior for TiAl involves the

transition from an external alumina scale to an external mixed alumina + titania scale which

is controlled by thermodynamic factors and, probably, the rate of transient oxidation. Table

1 indicates the values calculated by Rahmel and Spencer') for activities of Ti and Al at the

Ti3AiTiAI and TiAlITiAIl phase boundaries over the temperature range 700 to 9000C along

with the oxygen partial pressures for equilibria between the alloys and both TiO and A1,0 3.

It is seen that the calculated oxygen pressures indicate that TiO is more stable than Al.0s

in contact with TiA at the low Al side of the phase field for all three temperatures. At the

high Al side Al2O3 is more stable at 700 and 9000C while at 11000C the po2's for TiO and

A120 3 formation are virtually the same. The reliability of the thermodynamic data used to

calculate the activities in the various phases is open to question. In addition the high Al side

of the TiAl field stands in equilibrium with TiA 2 rather than TiAI3 (Figure 1). Nevertheless

these data indicate that, for a given Al concentration in TiA, the stability of TiO, relative

to A120 3, increases as temperature increases. In addition the growth rate of the Ti-oxides

increases with temperature so that, once nucleated, they can prevent continuous alumina

from forming.



Effect of Al-Content

Figure 8 presents the parabolic rate constants versus reciprocal temperature for TiAl

with three different Al concentrations 36, 39, and 42 wt% Al (50, 53, and 56 at %Al) which

span the range of stoichiometry of TiA1O. The alloys formed continuous alumina in oxygen

at 800'C with the Ti-56 at % alloy continuing this behavior up to 10000C before undergoing

the transition to rapidly growing, mixed oxide scales. As a result the rate constant for this

alloy increases by six orders-of-magnitude between 1000 and 1100'C. The lower the Al

content the lower is the temperature at which the transition to nonprotective scale formation

occurs. This behavior is consistent with the discussion in the previous section regarding the

relative thermodynamic stabilities of Tio and Al20 3.

Effects of Atmosphere

Figure 8 indicates that alloys with any Al content oxidize at the same rate in air (solid

point). Figure 9 shows weight gain versus time data for Ti-52 at% Al exposed in various

atmospheres at 900 C. The specimen exposed in oxygen forms a continuous alumina scale

and exhibits a correspondingly slow oxidation rate. However, adding 10%N2 to the oxygen

results in an almost ten-fold increase in the oxidation rate. Larger additions of N, result in

still more rapid oxidation kinetics. Figure 10 shows the c. -ss-section of a specimen exposed

in O2-10%N. It is seen that the nitrogen has resulted in the formation of areas where the

alumina is not continuous which leads to the formation of a rapidly growing mixed oxide

scale. This rapid growth gives rise to the same type of nodules observed in pure oxygen at

higher temperatures. The cross-section of the specimen exposed at air (02-80%N,), Figure

11 shows that the area density of the nodules is increased by the higher nitrogen



concentration in the gas and in 0 2-90%N,, Figure 12, the surface is entirely covered with the

mixed oxide scale. Therefore, it appears that increasing the nitrogen concentration in the

oxidizing gas at a fixed temperature has the same effect on the oxidation mechanism as

increasing the temperature does for oxidation in pure oxygen. The detailed mechanism of

the effect of nitrogen is in need of further study. However, it appears that the effect

involves the nucleation and initial growth of the scale since preoxidation in pure oxygen

develops an alumina scale which remains protective during subsequent exposures in air,

Figure 9. Kobayashi, et al.O have reported that preformed alumina scales formed on TiA1

at reduced pressure remain protective during subsequent exposures in air, even under cyclic

conditions. During the initial stages of oxidation there may be a depletion of oxygen from

the gas adjacent to the surfaces of specimens and nitrides may be formed.

Summary

The oxidation behavior of y-TiAl has been found to depend on temperature,

aluminum content, and the composition of the oxidizing gas. Protective alumina scales are

formed in pure oxygen up to a critical temperature which increases as the aluminum content

of the TiAl is increased. Above this temperature a mixed TiO/A 20 scale forms which

grows at rates which are orders-of-magnitude faster than that of alumina. This phenomenon

is believed to result from the increase in growth rate of TiO2 as temperature increases which,

coupled with the closeness in stability of alumina and the titanium oxides, prevents the

alumina from becoming continuous. Continuous alumina scales were not observed at any

temperature when nitrogen was present in the oxidizing gas. The effect of the nitrogen



needs further investigation but has been shown to be involved with the initial development

of the reaction products.
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Figure 3. Surface morphologies of TiA. oxidized in air
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Abstract

The oxidation behavior of MoSil in two fabrication conditions (cast and HIPed) has

been studied in oxygen and in air over the temperature range 500W to 14000C. The cast

material exhibited three regimes of behavior. Above 1000'C a continuous protective silica

scale formed. Between 6000 and 10000C a silica scale formed, but formation of silica down

grain boundaries, which are believed to be cracked, was observed. At temperatures near

500*C accelerated linear oxidation, involving the formation of both Mo- and Si-oxides was

observed and the specimen fragmented into powder ("pested"). The HIPed material

exhibited two regimes. Above 6000C a protective silica film formed. At temperatures

around 5000C the HIPed material underwent accelerated oxidation but did not fragment.

It was concluded, therefore, that accelerated oxidation is a necessary, but not sufficient,

condition for pest to occur. The pesting of the cast material was concluded to occur by

oxidation along pre-existing microcracks in the MoSi. Preoxidation at 10000C was found to

be only partially successful in limiting accderated oxidation during subsequent exposure at

5000C.



Introduction

The intermetallic compound MoSi. exhibits excellent oxidation resistance at elevated

temperatures (1000 - 1700C). At such temperatures, a thin continuous protective oxide

(SiC),) layer forms, corresponding to small weight gains and little change of behavior over

long periods of time (i.e. no spalling and/or cracking of protective scale). MoSi, has a high

melting point (20200C), relatively low density (6.24 g/cm3), moderately good high temperature

strength and ductility above 10000C. In contrast to these favorable high temperature

properties, at low to intermediate temperatures (4000 - 5500C), accelerated oxidation and/or

a "pesf' mechanism proves problematic. Accelerated oxidation involves the formation of a

thick, non-protective oxide layer, which does not prevent further degradation of the base

material. The "pest" mechanism is a low temperature failure mechanism, whereby oxidation

results in disintegration of the intermetallic to powder. For both, low temperature kinetics

are linear with time, and orders of magnitude higher than one would anticipate by

extrapolation from high temperature rates.

While this study deals with the oxidation behavior of MoSi2 over a range of

temperatures, the unresolved questions regarding the anomalous low-temperature behavior

warrant special attention. A comparative study of the oxidation behavior of cast - vs. -

HIPed MoSi2 at 5000C is undertaken. The HIPed material is dense and crack-free, but

contains second phases, whereas the single-phase cast material con. s a large number of

cracks. The oxidation sequence and morphology of reaction products as a function of time

is carefully examined for both materials. Acoustic emission is further employed to

characterize the differences in behavior. Finally, the effects of preoxidation at high

temperatures on the subseque~nt low temperature oxidation is examined. While a detailed



mechanism of the oxidation of MoSi at 500C could not be determined, important features

are described.

Fitzer') first described the phenomenon of the disintegration of MoSi2 to powder and

named it "pest' in 1955. Prior to that, the excellent oxidation resistance at elevated

temperatures had been well known. Since that time, many researchers have attempted to

describe the behavior of MoSi at lower temperatures and determine under what

circumstances it occurs. It is difficult to interpret some of the results, as the starting material

is often not characterized.

Berkowitz-Mattuck et al.w started with zone-refined material of less than 75%

theoretical density, and determined, as had FitzerM, that "pesting" occurs in oxygen, but not

nitrogen, carbon dioxide, carbon monoxide or argon, and that the rate of oxidation is very

sensitive to the partial pressure of oxygen. Furthermore, as there are little or no lattice

parameter changes when of MoSi, is equilibrated in oxygen, the solubility of oxygen in MoSi2

is very low. They concluded that due to the high residual stresses introduced on cooling of

the anisotropic material from the melt, a stress-enhanced oxidation could occur at the tips

of Grffith flaws, eventually leading to brittle fracture. This "pesting" did not occur at T >

6000C as slip and/or plastic deformation of the matrix near the flaw accommodated the

stresses. The crack density increased with exposure time at temperature, and the cracks

were found to be mostly transcrystalline.

Westbrook et al(4 proposed that the catastrophic nature of the "pest" mechanism was

due to preferential intergranular diffusion of a gaseous element (most likely oxygen or



nitrogen), coupled with a temperature dependent hardening reaction. At very low

temperatures, the rate of diffusion of oxygen is very slow and the reactions are confined to

the regions near the external surface. As temperature is increased, oxygen can diffuse

rapidly through the sample along grain boundary paths, but volume diffusion of oxygen is

still low. Therefore in this temperature range it is feasible that grain boundary

embrittlement occurs. This leads to an increase in internal stresses, finally leading to

cracking. The high temperature limit of this phenomenon is found as the temperature where

grain boundary and bulk diffusion rates are comparable. As proof of their postulation,

Westbrook et al. found that at the grain boundaries, there was an increase by 35% in the

hardness compared to that at the bulk. There is a clear difference between the mechanisms

proposed by Berkowitz et al. and Westwood et al.

Experimental

The oxidation data of cast and HIPed MoSi2 was obtained by various experimental

procedures. A Cahn 2000 microbalance continuously determined weight changes as a

function of time in both air and oxygen. Test coupons with a surface area of about 1-3 cm2

were polished through 600 grit SiC paper, ultrasonically cleaned in a 50% methanol - 50%

acetone solution and placed in the balance. The cast material proved too brittle to drill

holes for suspension, therefore those samples were placed on a small quartz platform or in

a sapphire holder, which in turn was suspended by a platinum wire in the balance. EDM

was used to produce holes in the HIPed samples, which were then directly suspended by a

platinum wire. The surfaces and cross-sections of the oxidized samples were examined using

XRD, EDX and SEM.



In order to observe the morphological aspects of the oxidation of both cast and

HIPed samples as a function of time, polished samples were inscribed with an identifying

mark using a diamond drill bit. These samples were placed in an alumina boat in the hot

zone of a horizontal furnace. Exposure was in static air for 30 minutes to 958 hours for the

HIPed material and 30 minutes to 43 hours for the cast material. After each exposure time,

the samples were carbon coated and examined using SEM. A carbon coating was used since

carbon quickly reacts with the atmosphere at elevated temperatures, and thus does not

interfere with subsequent oxidation.

Acoustic emission was used to determine the effects of cracking on the oxidation

behavior of MoSi2. Cumulative counts were measured as a function of exposure time.

Previous studies have shown that these counts correlate well with oxide scale crackins).

The acoustic emission monitoring system was the Dunegan/Endevco 3000 Series

(Schematic in Figure 1). Ceramabond 569 paste (Aremco Products Inc.) was used to attach

a 25" long by 0.25" diameter alumina waveguide to the sample. A platinum waveguide could

not be used as it can react with Si in MoSi2. A stainless steel cone was attached with

Ceramabond 569 to the other end of the waveguide to allow the piezoelectric transducer to

be attached. It is this high sensitivity transducer (Model S9204) that detects acoustic signals

(elastic waves) from the surface of the specimen and has a frequency response over the

range 100 - 400 KHz. The transducer signal is preamplified by a fixed gain of 40 dB (100

times) and passes through a 100 KHz high pass filter. The preamplified filter signal is then

processed for count measurements for amplitude analysis. For count measurement, the

signal is further amplified and fed to a threshold detector, which sends a digital pulse to a

digital counter each time a signal exceeds the threshold voltage. The threshold voltage is



fixed at one volt so the signal has to be amplified such that the noise level is just below one

volt to obtain the maximum sensitivity. The digital counter accumulates all the pulses and

displays them on a LED window as AE counts. The digital signal is also converted into an

analog signal to plot the counts on a recorder.

Finally, in order to make a closer observation of the scale formed on HIPed samples

at 500C, a sample was polished at a 120 angle from horizontal, thus increasing the

observable scale by a factor of three. Figure 2 shows a schematic of this process.

Results

Three forms of MoSi2 were studied: drop-cast, HIPed at 15400C and 30 ksi for 5

hours and HIPed at 16500C and 30 ksi for 4 hours. The first HIPed material was obtained

from Pratt & Whitney hi West Palm Beach, FL (designated 15400C), while the latter was

obtained from the same company in Connecticut (designated 16500C). Both HIPed materials

were made from Ce-:c powders and were composed of three phases: MoSi, MosSi and

free SiO2, the 1540*C material containing more MoSi3. Single phase drop cast MoSi2 was

made at the Westinghouse Electric Corp. by tungsten arc melting under an argon

atmosphere and drop-casting into a copper mold. From semi-quantitative analysis (SSQ)

on the SEM, nominal compositions for the three materials are as follows:

Cast: 37.3 at/o Mo 62.7 at/o Si

HIPed (1540*C): 36.6 at/o Mo 63.4 at/o Si

HIPed (1650'C): 38.8 at/o Mo 61.2 at/o Si

Both cast and HIPed materials were oxidized in air and in oxygen in the temperature

range 5000C - 1400*C. Figure 3 shows weight change data as a function of time. Both cast



and HI4ed materials fall into the 1 mg/cm2 range for 600 - 14000C in both air and oxygen.

The cast material has many pre-existing cracks, therefore the weight change data are not

extremely accurate, but serve well to exhibit trends. At 50000, the cast material, showing the

greatest weight gain, turns completely to powder. Optically, these powders are non-uniform

in size and faceted in appearance. XRD determined the reaction products to be MoO3 and

amorphous SiO2. HIPed material showed the same reaction products, but the scale (20 - 40

Am thick) remained intact. Weight changes at 500C were greater for the 15400C HIPed

material (more MosSi3) and greater in oxygen than in air. Figure 4 illustrates the difference

between HIPed and cast MoSi, behavior at 5000C

The cast material did not exhibit pesting (disintegration to powder) at T > 5000C, but

internal oxides of SiO, did form at 6000 to 1000C. In this range, an oxide did form on the

surface as the oxidized surfaces exhibited anywhere from a blue sheen to a dull gray finish.

Figure 5 shows a SEM micrograph of a cast MoSi2 cross-section at 8000C. The oxide

appears to be going down grain boundaries, but it is also possible that the oxide is forming

along pre-existing cracks. Figure 6 shows the same cast material at 14000C. XRD indicates

the scale is a-cristobalite. In some areas the scale was faceted (Figure 6b), while in other

regions the surface scale appeared to have undergone devitrification. A contaminant of KCI

of unknown origin was found near this region, therefore devitrification is a possibility. Cross-

sections of the material show a silica layer about 3 - 7 Am thick was formed in air, while in

oxygen a thinner scale of about 1 - 2 Am was formed. Table 1 provides a summary of the

reaction products formed in air and in oxygen on cast and HIPed materials at different

temperatures as determined by XRD.



Oxidation behavior of cast material was observed as a function of time and SEM

surface sequencv can be followed in Figure 7. The region on the as-received material

showed cracks representative of the material as a whole. After 30 minutes, unidentifiable

black spots had formed on the matrix. The white regions are MoO3. At 17 hours, a bumpy

morphology was first observed and can be seen at 25.5 hours. After 35 hours, flakes and

rods, which are higher in Mo, were observed. After 38 hours, the bumps, becoming more

profuse and growing outward, are found to be higher in Si than smoother regions. It is

important to note that although the region chosen for observation exhibits a bumpy

morphology, there are other smooth regions, which appear to be unaffected by oxidation.

After 43 hours, some of the bumps on the surface appear to "burst" revealing MoO 3 rods.

When the sample was removed from the SEM stage, it fractured. SEM micrographs of the

fracture surface, showing signs of oxide build-up which appear to be a mixture of Si and Mo

oxides, are shown in Figure 8. Throughout the experiment, certain regions of the sample

showed widening of the pre-existing cracks with increased oxidation exposure.

Figures 9 through 11 show the results of sequential oxidation studies of HIPed

material. In Figure 9a and 10, the as received structure shows three phases: MoSi, (matrix),

MoSi3 (lighter region) and free SiO2 (darker regions) along with minor porosity. MoSi3 and

SiO, tend to form at grain boundaries. After 30 minutes, MoSi3 was found to preferentially

oxidize to MoO 3 (Figures 9b, 9c). A fine unidentifiable oxide was observed on the MoSi,

matrix, possibly a form of SiO,. After 23 hours, reaction products on some grains became

Si-rich (darker areas), while others became Mo-rich (lighter areas) (Figure 10). After 41

hours, protrusions began to form along what look like grain boundaries and the formation

of MoO 3 rods was observed. With time these protrusions grew and cracks appeared at the



tops of the ridges. Figure 11b shows an enlargement of one protrusion, and the stratified

lines indicate growth outward with accompanying stress. This sample was run to 958 hours.

At that time, on removal from the furnace, a complete oxide layer spalled off, indicative of

growth stresses developing at the edges of the sample. XRD of the exposed surface and

spalled scale identified MoO and amorphous silica.

Figure 12 is the oxidized surface of 1540*C HI-Ped material after one week in air at

500 C showing a similar surface morphology to that of the shorter times, indicating that the

carbon coating did not affect oxidation behavior.

Figures 13 and 14 are SEM micrographs of cross-sections of HIPed MoSi2 oxidized

at 500*C, the latter being polished at a 120 angle. It is interesting to note the stratified layers

in regions of Figure 13. The larger "voids" in Figure 14 may be remnants of these layers.

Looking more closely at Figure 14, cracks perpendicular to the surface can be seen only at

the topmost surface of the scale corresponding to cracks seen at the tops of ridges on the

surface. Larger "voids" and extensive porosity are seen throughout the scale. In some

regions, the oxide appears to penetrate further down grain boundaries than into the

intermetallic matrix (note oxide/matrix interface). EDS shows similar Si/Mo ratios in the

scale and matrix indicating simultaneous oxidation of both elements, but a slightly higher Si-

content in the scale can be attributed to MoO, volatilization.

Pre-oxidation of HIPed samples at 1000rC was carried out to test if the protective

scale would remain intact at 500C. Figure 15 shows weight change as a function of time,

indicating an incubation period prior to chipping or spalling of the oxide. These spalled

regions show the same morphology as if the samples had been run at 5000C (i.e. not

preoxidized).



Acoustic emission results at 500C are found in Figure 16. The accelerated acoustic

counts for the cast material are indicative of cracking during oxidation. More notable is the

increase in counts on removal of the cast sample from the furnace, indicating that thermal

shock has a much greater impact on cast than HIPed materials. This may be associated with

thermal stresses generated at the tips of oxidized cracks because of the thermal expansion

mismatch between the oxide and MoSi2.

Discussion

The volatility of MoO3 plays an important role in the oxidation behavior of MoSi2 and

a volatile species versus temperature diagram is given as Figure 17. MoO is highly volatile

with a melting point of 7950C and a high vapor pressure even at lower temperatures. At

elevated temperatures (>10000C), MoO3 vaporizes and the diffusion of Si is rapid enough

to form a continuous protective oxide scale to effectively seal the surface. At T < 600*C,

mixed oxidation and volatilization of MoO3 prevents continuous SiO scale formation.

However, inspection of Figure 17 shows that MoO3 can still be retained on specimen

surfaces up to 8000C. The experimental results indicate that continuous scales of silica may

not have been formed on all specimens up to temperatures of 1000'C.

In the 6000 - 10000C range for cast MoSi2, exhibiting a thin oxide layer on the surface

(blue sheen to dull gray) and internal oxidation of SiO2, a competition between SiO2

formation in cracks and MoO3 volatilization occurs, keeping the weight change data within

± 1 mg/cm2. In the cracks, oxygen has a short-circuit path for diffusion, thus formation of

SiO, can easily form within the cracks. At 500mC, MoO3 can also form within the cracks, and

at this temperature, little volatilization occurs. There is a large change in volume going from



Mo to MoO (340%), along with the volume change of forming SiO, from Si (m180%),

which enhances the widening of the pre-existing cracks leading to "pesting" (i.e. turning to

powder). Thus cracking of MoSi2 as a result of oxide formation within pre-existing cracks

is an integral part of the oxidation process and cool down for cast material, which is further

shown in the acoustic emission data. These result support the oxidation of microcracks

(Berkowitz mechanism) rather than the diffusion of oxygen down grain boundaries

(Westbrook & Wood mechanism) as the major contributor to "pesting" of MoSi2.

At T > 10000C, silica scales, visible in cross-sections in the SEM, form. The change

from internal to external oxidation occurs between 10000 and 12000C and may in some way

be associated with the brittle to ductile transition temperature (=I000C) and with the

diffusion of Si and or 0 in this temperature range.

HIPed material at 5000C has no pre-existing cracks and it appears oxidation occurs

at the alloy/scale interface, evidential of oxygen transpnrt into the material. Simultaneous

oxidation of 1 .1th Si and Mo results, while some of the MoO3 volatilizes leaving "voids".

little cracking of the material occurs during oxidation of this temperature as indicated by

acoustic emission. Growth stresses at the edges of the square coupons finally lead to spalling

of the scale. As no "short-circuit" paths exisi in the material, there is no "internal oxidation".

At 10000C, surface SEM showed some type of product had formed, but could not be

detected by XRD, nor could any scale be found in cross-section. HIPed samples were not

oxidized at higher temperatures, but it is presumed that at 12000 and 1400C, the same sort

of continuous silica layer would form.

Pre-oxidation at 1000'C proved to be a deterrent to accelerated oxidation at 5000C

for a short time only. After some incubation period, spalling of the scale was observed, with



the subsequent growtl of the dual MoO and amorphous SiO2 scale in the spalled regions.

In fact, slight fragmentatioi, of the MoSi was also observed. It appears that the majority

of the spalls occurred at the edges of the sample, where some prior matrix damage had been

evident prior to oxidation. However, some of these greenish-gray regions of oxide were also

found on the fa.et of the samples aud could be explained by damage occurring to the scale

on cool-down. It should be pointed out that this phenomenon was not observed when the

HIPed specimens were exposed at 5CO'C without preoxidation. It is believed that thermal

stresses generated diu? ing cooling from t~ie preoxidation temperature nucleated microcracks

at certain sites where the geometry was favorable, e.g. corners and edges, and that these

areas were then susceptible to a form of degradation similar to that observed for the cast

MoSi. This phenomenon raises a question about the application of MoSi2 as a structural

material in that thermal and applied stresses may be able to produce a microstructure which,

if exposed at temperatures near 5O0°C, may be susceptible to pesting. Further work should

be directed at characterizing this behavior more quantitatively.

Conclusions

The oxidation behavior of MoSi is a function of fabrication condition i.e.

microstructure. Cast material, which contained microcracks, underwent accelerated oxidation

and fragmentation ("pesting') in a narrow temperature range near 5000C. HIPed material,

without microcracks, underwent accelerated oxidation but did not fragment. The "pesting"

phenomenon, in MoSi2, is concluded to result from the formation of voluminous Mo-oxides

in microcracks. The accelerated oxidation involves the simultaneous formation of MoO3 and

SiO2 in essentially the amounts determined by the Mo and Si concentrations in the



intermetallic. At temperatures of 600'C and above both materials formed continuous silica

scales and oxidized at very slow rates and no fragmentation was observed. It is concluded,

therefore, that accelerated oxidation is a necessary, but not sufficient, condition for pesting.

The cast material showed the additional feature of internal silica formation along grain

boundaries, which may have been cracked, for oxidation temperatures between 600 and

1000*C. The HIPed material did not display this feature. Above 1000C both materials

formed only external silica scales. The ineffectiveness of preoxidation at O00aC to

completely suppress accelerated oxidation during subsequent exposures at 500C, and the

small amounts of fragmentation observed in these experiments, is a matter of concern for

the application of MoSi as a structural material.
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Temperature (*C) Atmosphere cast HIEW (1540C0

As received _______ MoSi2  MoSi2 + MOSSiS

50Air MoO 3 + MoSi2 +i MoO 3 +
_________ _________amorphous SiO2  amorphous SiOg

50002 MoOO' +
____ ___ ___ ____ ___ ___ ____ ___ ___ amorphous SiO,2

600 Air MoSi2  _______

6000 MoSi 2 + tridymite

800 ~Air MoSi2 + tridymite_______

800 02 MoSi2 + tridymqite _______

1000 Air MoSi2 + tridymite MoSi2 _

1000 02 MoSi2 + tridymite MoSi2

1200 Air MoSi2 + OC-

____ ____ ____ cristobalite

1200 02MoSi2 + tridymite_______

1400 Air MoSi2 + a-

cristobalite

1400 02MoSi 2 + a-

I cristobalite

Table 1. Summary of XCRD results of oxidized cast and Hfl'ed (154010

materials.
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b. 5000C, 82 hrs., air - complete pesting
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d. 500°C, 165 hrs., air - accelerated oxidation



Figure 5. SEM cross-section inucrograph of cast MoSi2, oxidized in air at
800'C for one week.



Figure 6. SEM miicrographs of surfaces (abc) and cross-sections (de) of
cast MoSi2 oxidized at 1400*C in air (ace) and oxygen (b,d).
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Figure 7. SEM surface micrograph sequence of cast MoSi2 oxidized in
static air at 5000C.
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Figure 8. SEM fracture micrographs of cast MoSi2 after 43 hours in
static air at 500'C.
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Figure 12. SEM surface nicrographs of HIPed (15400C) MoSi2 after
oxidation in air for one week at 500 IC.



Figure 13. SEM cross-section of HEDed (I1540'C' MoSi 2 after one week
exposure in oxygen at 5001C.
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Part II

Hydrogen in Titanium Aluminides
Anthony W. Thompson, Principal Investigator

Carnegie Mellon University

Detailed descriptions of research progress in the Carnegie Mellon program on hydrogen in
aluminide compounds have been presented in previous quarterly reports. Since much of that
information has now been published or is in press, this final report takes the form of an overview
summary, together with a list of program-sponsored publications and copies of key items among
those publications.

A very extensive study has been performed to identify fundamentals of hydrogen effects in
titanium aluminides, particularly in the alloy Ti-24 Al-11 Nb, but also including some work on
TiAl. Although a few additional papers are still in preparation, the list of 13 papers sponsored
under this program which is appended to this report identifies the principal papers, both general
and detailed experimental reports of the work. A number of "fhsts" were part of this work, as

mentioned below.
Little understanding of hydrogen uptake in titanium aluninides was available at the start of this

program, with reports ranging from no observed uptake at ad, to amounts of several atomic per

cent. Reported temperature-pressure-composition relations were sketchy and inconsistent with
each other. Using a Sieverts apparatus and standard techniques for evaluation of gas-metal
interaction, we conducted experiments to show that reversible, reproducible hydrogen uptake

measurements could be made, using the q2 alloy based on Ti3Al, Ti-24 Al-11 Nb (in atomic per
cent, called "Ti-24-11" below). These experiments, first reported at a NASP workshop [1]
(reference numbers are to sponsored publications) and later submitted in complete form to a journal
( 11], determined not only the total uptake of hydrogen but also the solvus between hydrogen in a2
solid solution, and hydrogen present as the hydride phase, as well is the thermodynamic
parameters associated with hydrogen solution and hydride formation, such as the standard free
energies, entropies ind enthalpies, related as AG* = AH" - TAS'. The solvus is shown in the
attached copy of ref. 11 as Fig. 4, and it clearly indicates the extensive hydrogen solubility at
elevated temperature in this alloy.

As is implied by this solvus, the room temperature solubility of hydrogen in Ti-24-1 1 is very
small. Calculation using thermodynamic parameters, or extrapolation to room temperature of the
solvus using a spline fit, both suggest an estimated solubility of around 10 ppb at ambient
temperature. All the remaining absorbed hydrogen precipitates as hydrides. Our report [1] of this
hydride formation was among the earliest published, as has been reviewed [9]. In agreement with
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other authors, we have found the hydride to have the same FCC fluorite structure as the binary Ti-

H hydride, called "TiH2" and readily determinable by X-ray or electron diffraction. At higher

hydrogen content, the FCC structure becomes somewhat tetragonai [4,7,9,11], and is accordingly
called FCT, although the conventional crystallographic convention is to call this structure BCT (the

two are identical except for the size of the unit cell). The FCT notation avoids giving the

impression that a fundamental structure change occurs, as might be inferred by a change from FCC

to BCT.
Very extensive investigation of mechanical properties of hydride-containing Ti-24-1 I material

was carried out, ranging from simple tensile and compression tests, to notched bend and pre-

cracked compact tension specimens, permitting determination of a number of fundamental
mechanical parameters. Properties were determined as a function of both hydrogen (hydride)

content and temperature, including yield and ultimate tensile strength, ductility, notched bend

fracture stress and local true fracture stress, and valid fracture toughness KIc. Examples are given

in the attached copy of ref. 9, and these results have been reported in complete form [1,2,4,7-9,12]

well in advance of any other mechanical property publications for a2 alloys containing hydrogen.

When experiments were begun to extend the foregoing results to other microstructures of Ti-

24-11, inasmuch as the first suite of experiments had all been done on a single microstructure, it

appeared convenient to conduct heat treatments in hydrogen, thus achieving hydrogen uptake and
microstructural modification at the same time. It was of course recognized that hydrogen is a

stabilizer of the beta phase in titanium alloys, and experience with conventional a alloys suggested

that the 13 stabilization should itself be studied as a potentially significant effect. It was immediately
observed that a profound degree of microstructural modification was achieved by the presence of

hydrogen, in particular microstructural refinement of scale produced by 03 stabilization to lower

temperatures and thus lower transformation temperatures of 03 to az2. These refinement effects

resulted in greatly enhanced strength and ductility, thus considerably increasing toughness [3,5],
when the alloy was tested after removal of hydrogen but with the refined microstructure still

present. These results are generally similar to, but somewhat larger than, what has been found for

conventional a+13 alloys with hydrogen as a temporary 03 stabilizer, as reviewed elsewhere [5].

Finally, the program on Ti-24-11 was extended to make measurements in the hydrogen

environment [71, e.g. at temperatures such as 400"C, to examine behavior which may be affected

by the kinetics of hydrogen uptake. Behavior, however, was not much different than for

specimens which had been precharged with hydrogen, indicating, at least at 400°C, that transport

of hydrogen is not a major influence on embrittlement. This in turn indicates either that the films of

p3 phase, which are nearly continuous or continuous despite representing at most a few per cent of

the microstructure we predominantly tested, are serving as short-circuit paths for hydrogen, or that

hydrogen transport is associated with dislocations, as pipe diffusion paths or moving with the
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dislocation in the form of hydrogen atmospheres. Examples of these results are shown in Figs. 7
and 8 of the attached copy of ref. 9.

Preliminary work on the TiAl stoichiometric alloy (49.9 atomic per cent Al) was undertaken to
determine if the hydrogen uptake and mechanical property techniques would be equally effective

for the TiAl or y structure. For this alloy, not only were there few reports of hydrogen effects, but
most such reports, for example at NASP workshops, were concluding that hydrogen had no
adverse effects on TiA1. It is new clear that those results were obtained for specimens which

absorbed little or no hydrogen. In our Sieverts system, large total hydrogen uptakes were
observed [8-10,13], as shown in Fig. 10 of the attached copy of ref. 10, though at a given

temperature the amounts are less than in Ti-24-1 1. Once again, the room temperature solubility is
predicted to be very small, so that virtually all absorbed hydrogen is precipitated as hydrides. We
again determined that these hydrides have the FCC or FCT structures familiar from binary Ti-H

hydrides [10,13].
Mechanical properties were studied on various grain sizes, as a microstructural variation in the

single-phase material. It was soon found [6] that the effect of grain size on yield strength was
small, particularly when compared to published inferences, as shown in the attached copy of ref.
10, Fig. 6. Yield strength was also studied in the presence of hydrides [10,13], and although
these results were only preliminary, the pattern (see attached ref. 10, Fig. 12) suggests rather less

effect on strength than in the case of the Ti-24-11.
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Effect of Hydrogen as a Temporary3 5
Stabilizer on Microstructure and Brittle
Fracture Behavior in a Titanium Aluminide Alloy

WU-YANG CHU and ANTHONY W. THOMPSON

Microstructures of Ti-24A- I INb were solution treated in either the a 2 + P3 or (3 phase field
under vacuum or hydrogen gas, followed by air (AC), furnace (FC), or controlled cooling (CC),
and then aged or outgassed at 800 *C. All mechanical tests were on hydrogen-free specimens.
If 1147 0C(36 solution treatment (ST) was followed by AC, hydrogen as a temporary ( stabilizer
clearly decreased the size of the a 2 phase and increased greatly the retained or transformed 6
phase content. As a result, room-temperature tensile strength, fracture strength (oF), ductility
(ef), and fracture toughness (K,,) resulting from 1147 °C solution treating in hydrogen increased
by 120, 100, 60, and 42 pet, respectively, as compared with that under vacuum. If (3 ST was
followed by FC, hydrogen as a (3 stabilizer increased only the 3 phase content but did not
decrease the size of a 2 phase or colony; and made ultimate tensile strength (UTS), crF, es, and
Kk increase only moderately. Cooling from the a 2 + (3 phase field (1000 C or 1075 °C), hy-
drogen as a P stabilizer changed the size of transformed a 2 phase and UTS, orF, ef, and K,
increased slightly. Properties were also a function of crosshead speed. For all microstructures,
a 2/3 boundaries appeared to be effective barriers to slip and crack initiation.

I. INTRODUCTION resulted in a unique, fine microstructure.1111 The same

TITANIUM aluminide materials based on Ti3Al with might be true for the titanium aluminide. Therefore, the

additions of Nb are relatively brittle and fracture by a other purpose of this paper was to investigate the effect

cleavage-like mechanism at or near room temperature, of hydrogen as a temporary alloying element on micro-

The effects of the strain rate and hydride content on the structure and on the mechanical properties, particularly

brittle fracture behavior, apparent cleavage fracture fracture properties, of hydrogen-free material.

strength, and fracture toughness have been investi-
gated.01 Because the mechanical properties and the frac-
ture behavior of conventional a + 3 titanium alloys have II. EXPERIMENTAL PROCEDURE
been shown to be strongly dependent on micro- The material used for this investigation was Ti-24Al-
structure,1  '41 the same could be expected to be true for I INb (at. pet), called Ti-24-l I below, in the form of a
titanium aluminide. Recently, the effect of micro- forged cylinder of 140-mm diameter. The chemical corn-
structure on the mechanical properties and creep have position was analyzed to be, in atomic percent, 25.3AI,
been studied in some a2 + P3 titanium aluminides.1 -  10.8Nb, 0.2502, 0.033Fe, 0.017N, and balance Ti.
However, there have been no detailed investigations of The specimens tested included a flat tensile with a gage
the influence of microstructure on cleavage fracture be- section of 17 x 0.4 mm; a three-point bend bar of 2.5-m
havior in titanium aluminide. Theretore, one of the pur- thickness and 5-mm width containing a Charpy-type
poses of this work was to investigate the effect of notch 121 of 1.67-mm depth, a 45-deg flank angle, and a
microstructure on the mechanical properties, fracture root radius of 0.25 mm; and a modified wedge-opening
strength, oF, and fracture toughness, Kie. loading (WOL) specimen[ 13 with a thickness of 10 mm.

The solubility of hydrogen in a 2 titanium aluminide is All specimens were oriented such that the gross fracture
very high at high temperature, but the terminal solubility plane was parallel to the forging direction.
of hydrogen at room temperature is very low, so that Microstructures were controlled by solution treating in
almost all hydrogen is precipitated as hydride.9 ) The high either the a2 + 3 or the (3 phase field under vacuum or
solubility of hydrogen at high temperature in conven- one atmosphere hydrogen gas, respectively. The two kinds
tional titanium alloys has led to the utilization of hydro- of solution treatment (ST) are referred to below as VST
gen as a temporary alloying element.10 ° 1 As a 3 stabilizer, (vacuum) or HST (hydrogen). The 3 transus temperature
hydrogen was found to affect the phase transformation for the Ti-24- 11 alloy with low oxygen has been reported
in the conventional a + /3 titanium alloy Ti-6A1-4V, which to be in the range of 1079 °C to 1095 °C. 1'. 61 Trans-

formed 3 microstructures were produced by a 1.5-h/P
ST at 1147 'C under vacuum or hydrogen gas. respec-

WU-YANG CHU. formerly Visiting Professor, Carnegie Mellon tively, followed by air cooling (AC) in a quartz tube
University. is Professor. Department of Materials Physics, Beijing (average cooling rate of 180 *C/min from 1147 *C to
University of Science and Technology. Beijing 100083, People's 800 'C), furnace cooling (FC, 5 °C/min) and controlled
Republic of China. ANTHONY W. THOMPSON, Professor, Is with cooling (CC. 0.8 °C/min); and 1225 C VST or HST
the Department of Metallurgical Engineenng and Materials Science.
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The furnace with specimens was kept in high vacuum or this size dependence suggests a surface effect, other ex-
filled with one atmosphere hydrogen, respectively, after periments have not confirmed such an effect.
the vacuum reached 0.67 mPa (5 X 10-6 torr) or less, Figures l(a) and (b) illustrates the microstructures
then heated to the solutionizing temperatures. After resulting from 1147 oC VST and HST, respectively, fol-
cooling to room temperature, the specimens were aged lowed by AC. The significant variables in these micro-
or dehydrogenated, respectively, in vacuum at 800 oC structures were the size and morphology of a 2 phase and
for 3 hours. The furnace with hydrogenated specimens the amount of retained or transformed P3 phase. Hydro-
was pumped down to 0.67 mPa or less, then heated to gen as a temporary /3 stabilizer evidently affects the ki-
and maintained at 800 *C until the chamber pressure again netics of the phase transformation following treatment in
reached 0.67 mPa or less, which took about 2 hours. The the /3 field, which results in unique and fine a2 and a
hydrogen contents of specimens were determined by large amount of retained or transformed /3 phase.
weighing specimens on a microbalanceill before and Increasing the temperature of ST in the 3 phase field
after hydrogenation or dehydrogenation. Sometimes there under vacuum slightly increased the amount of the re-
was a net weight gain (<300 wppm) after dehydrogena- tained or transformed /3 phase, comparing Figure l(c)
tion in the WOL specimens, which was attributed to ox- with Figure 1(a). In this case, adding 5 to 7 at. pct hy-
ygen pickup during the cycle. 1111 However, all specimens drogen also decreased the size of the a 2 phase and in-
tested were nominally free of hydrogen. creased the amount of the retained /3 phase, as shown in

The tensile and bending tests were conducted on an Figures l(c) and (d).
Instron machine with crosshead speeds varying from 5 x The microstructures resulting from a2 + /3 ST fol-
102 mm/min to 5 X 10- 2 mm/min. The three-point lowed by AC are shown in Figure 2. The a, + /3 pro-
notched bend specimen was used to measure the nominal cess under vacuum produced large and elongated primary
fracture stress o-,,, = 6M/bh 2, where M is the maxi- a 2 in a transformed P3 matrix. Adding 5 to 7 at. pet hy-
mum bending moment, h is the specimen depth below drogen decreased the size of the transformed a 2 phase
the notch, and b is the thickness. 112. 3.

1
41 The true local and increased the amount of the retained / phase rather

fracture strength, oF, i.e., the maximum local tensile stress than changing the size and morphology of the primary
under the notch at fracture, was calculated in the estab- a 2 phase.
lished fashion I 'l5 based on a.,,, the YS at the same Furnace cooling (5 °C/min) and controlled cooling
crosshead speed, and the plastic stress concentration fac- (0.8 °C/min) after 1147 C /3 VST produced moderate-
tor o', ,/YS obtained by Griffiths and Owen.112'l4 ) At the sized colonies of similarly aligned plates, as shown in
highest crosshead speed (500 mm/min), o',o,/UTS was Figure 3(a). Adding 5 to 7 at. pet hydrogen as a tern-
generally less than 0 5, and an elastic stress concentra- porary P3 stabilizer increased the amount of the retained
tion factor max/",.Enom = 2.78 was used to get orF. 111  /3 even though it did not change the size of the a 2 plate-

The modified WOL specimen was used to measure the lets and colonies, comparing Figure 3(b) with Figure 3(a).
resistance (R) curve(13 to brittle crack propagation and
the fracture toughness, Kl,. which is the critical stress B. Room-Temperature Tensile Properties
intensity factor corresponding to crack propagation of
2 pet.1'. 3|  The variations in tensile properties of hydrogen-free

The fracture surface of each tested specimen was ex- material with solutionizing temperature for both VST and

amined by scanning electron microscopy (SEM) to de- HST are shown in Figure 4. The strength, both 0.2 pet

termine both gross fracture appearance and also fracture YS and UTS, and the fracture strain (Ef), resulting from

process details. 1147 C /3 HST were 120 and 60 pet, respectively, higher
than that for VST because hydrogen as a temporary /3
stabilizer evidently increased the retained or transformed

III. EXPERIMENTAL RESULTS /3 phase content and decreased significantly the size of
a 2 phase (Figure 1).

A. Microstructural Development and the Effect Increasing the temperature of /3 solution treating under

fHydrogen vacuum from 1147 C to 1225 C made the strength, i.e.,
of HYS and UTS, increase by'20 pet. On the other hand, the

The temporary hydrogen contents after hydrogenation strength and Ef resulting from 1225 *C HST increased by
at the solutionizing temperatures were 5 to 7 at. pct in 57 and 36 pct, respectively, as compared with that for
the WOL specimens (B = 10 mm) and 10 to 13 at. pet VST (Figure 4).
in the tensile (B = 0.4 mm) and bend (B = 2.5 mm) The YS, UTS, and ef resulting from 1000 °C a 2 + /3
specimens, respectively, as shown in Table I. Although HST all increased by about 30 pct, as compared with

Table i. Temporary Hydrogen Content (Atomic Percent)

Temperaturc (°C)

a2 - 13 Field 3Phase Field

Sample 1000/AC 1075/AC 1147/AC I 147/FC 1225/AC

WOL 4.9 to 5.4 6.1 to 7.5 5 0 to 5.7 5.0 to 6.7 5.4 to 7.7
Tensile. bend 10.8 11.5 12 6 10.2 130
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- Sz

Fig I -Microstructures resulting from 3 ST in vacuum (VST) or in hydrogen (HST), followed by AC and aging or outgassing at 800 C. Light
microscopy of samples taken from center of WOL specimens (a) VST at 1147 0C. (b) HST at 1147 °C, (c) VST at 1225 C, and (d) HST at
1225 C

that for VST If the temperature of the a 2 + /3 solution tion of strain rate, it can be seen that UTS decreased
treating under hydrogen was 1075 C, the strength and rapidly at the highest strain rate, 0.5/s, corresponding
ef increased by 20 and 5 pct, respectively, to a crosshead speed of 500 mm/min, but attained a

In the microstructures resulting from 1147 'C Pl VST constant value for strain rates lower than 5 x 10-3 /s,
and HST, both strength and ductility decreased as cool- corresponding to 5 mm/mm, independent of micro-
ing rate decreased from 180 °C/min (AC) to 5 °C/min structure, as shown in Figure 6. At the highest strain rate.
(FC). as shown in Figure 5. the effects of microstructure and hydrogen as a tempo-

Furnace cooling and controlled cooling resulted in rary /3 stabilizer on the strength and ductility were neg-
similar microstructures and in comparable values of ligible, as in previous work."1

strength and ductility. Slow cooling, resulting in moderate-
sized colonies. produced low strength and ductility, which C. Nominal Fracture Stre.% and Brittle
waN consistent with Blackburn ct al "s result.015 On the Fracture Strength
other hand. the efficacy with which hydrogen as a tem-
porarx /3 stabilizer increased both strength and ductilitN The r. nal fracture siress measured b% a three-point
through microstructural refinement evidently decreased notched bnd bar is characterized as a function ol cross-
as cooling rate decreased For example. in the furnace- head speed with the above-mentioned milcrostructures in
cooled condition. hydrogen as a temporar- /3 stabilizer Figure 7(a). which indicates that at crosshead speeds less
made the ,,reneth and ductilit% I., increase 10 and 20 pct than 50 nmi/mm. the nominal fracture stress. (r ....... re-
in,,tcad o 121) and 58 pet in the air-cooled condition sutimg fron 1147 "'C'I IS'ollo eCd b\ AC has, gone LIp

Whcn the tcnsilc popcrlc,, ate Lonidered as a lun. 12(1 ptt o\er that lot VS'I AC. bti at the hhCsi

".[ \1 [I1 : ,t X ! % ,X l ) " \ > 1\ 1 ."\ J\ I \ '' q'l 7
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Fig 2-Microstructures resulting from ST in the az + P3 phase field in vacuum (VST) or hydrogen (HST), followed by AC and aging or
outgassing at 800 TC Light microscopy of samples taken from center of WOL specimens: (a) VST at 1000 TC, (b) HST at 1000 TC, (c) VST at
1075 TC, and (d) HST at 1075 TC.
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Fig. 4-Dependence of tensile properties on solutionizing tempera- 01 1 1 1 1 I

ture, comparing VST and HST materials which were air cooled. Prop- 5x 162 5x~d 5 X 10 5x10' 5XI12
erties shown are YS, UTS, and cf. Each value shown is the average
of 5 to 6 tests. Crosshead Speed, mm/min

Fig. 6-Effect of strain rate, expressed as crosshead speed, on UTS
or fracture .: -ess, for various VST and HST microstructures. All val-
ues are averages of 3 to 6 tests.

100 MSolum '.rerQjtgas t800*C crosshead speed, i.e., 500 mm/min, there is little dif-
00SlinVm +Ain t W ference between VST and HST. In the furnace-cooled

Do Slu n ~~um Agng t ~condition, oom values resulting from 1147 TC were iden-

tical with those fot VST at any crosshead speed studied.
Soo0 Figure 7(a) also shows that am,, results from 1000 TC

HST followed by AC have the same values with those
for VST, independent of crosshead speed.

The brittle fracture strength, o'F, with aforesaid micro-
600 structures, which is calculated from o-,,n,,, YS, and the

CL60-YS,gin H12 plastic stress concentration factor, 2"1 as fuctin o
crosshead speed is indicated in Figure 7(b), which is veiy

M ~similar to the UTS and onm curves (Figures 6 and 7(a)).
0 The brittle fracture strength, q

TF, vs solutionizing tem-
1- 400 ___ - YS,in Vacum 40 perature for both VST and HST is shown in Figure 8,

which is similar to the dependence of YS on solution-
-30 izing temperature (Figure 4). Figure 9 is the variation in

E1 , in H2  the o-F with cooling rate after both 1147 0C VST and HST,

200 - -.- 20 0 which is also similar to that in the YS (Figure 5).
~.~o--_ 1 ,nvcZ To summarize, when the P3 ST was followed by AC

10and the crosshead speed was less than 500 mm/mmn,
0adding about 13 at. pet hydrogen as a temporary 13 sta-

0 0 (1225 TC ST), respectively, but in the furnace-cooled
10, CP i 102 101condition, the 0-F resulting from 1147 TC H-ST increased

Coln oe C/min onyby 4 pct. In other words, cooling rate from P3 so-
Fig 5- Dependence of tensile properties. as in Fig. 4. on cooling lution temperature, and the attendant microstructural
rate from ij ST temperature of 1147 'C. comparing %'ST and HST change. is decisive in this hydrogen effect. On the other

maeilAl aus r vrae f5to 6 test,,had the 07- resulting from a, - (3 HST increased 15 pct

METALURGCAL RANSCTIOS AVOLUML 22A. JANUARN 1991 - 75



1600 2500
A* So*U in H2 Then Outgas at 8000C
A 0 Solu in Vacuum + Aging at 8006C

pin H2
2000

0.
01200 C

A 0

S800 a-J
0 A~ innVacuum' .1000 'gr U 30 0

C A1000C/AC, Vacuum *K1c.iflH 2

5 400 A 1000*C/AC.H 2  0
2 0 114*C /AC, Vacuum 500----------c.- 2

* 1147*C/AC#H2  . 1zncu
o 11 4?C/FC, Vacuum
6 114?*C/FC.H 2  0

v 225*C/AC, Vacuum
v 1225*C/AC * HZ Of I j

0 1 , 1000 1100 1200 13 o

5 X102  5 itlO' 50100 SolO 5xIo2 Solutionizing Temp. OC

crosshead speed, mm/min Fig. 8-Dependence of true local fracture stress, al~. and fracture

(a) toughness, K,, on ST temperature for VST and HST material for air-
cooled specimens.
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Fig. 7-Effect of strain rate. expressed as crosshead speed, on frac-
ture properties in bend bar tests of VST and HST microstructures (av- Fig. 9-Dependence of true local fricture sires!,. o,,. and tracturv
erages of 2 to 4 tests) (a) nominal fracture sires% and (b) true local toughness. K,.. on cooling rate from a ST te-mperature of 1147 TC foi
fracture stress for brittle or clcavage fracture VST and HST material
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(1000 *C) or 17 pct (1075 0C), compared with those for 30

VST. At the highest crosshead speed, there were neg-
ligible effects of the microstructure and hydrogen as a
temporary 3 stabilizer.2 -"* ..

25 ,,"

D. Resistance Curve and Fracture Toughness K, /X , -

The average propagation speed of the brittle crack in ,.

the titanium aluminide was low, so a v-sistance or R curve, /0
for crack propagation could be measured using a mod- 20 /

ified WOL specimen.1 ,131 The typical resistance curves -E
with aforementioned microstructures are shown in a,
Figure 10. The fracture toughness Kl,, which is the crit- ;-

ical stress intensity factor corresponding to Aa/a = 2 pet, 1
can be obtained based on the resistance curves and has IS

also been plotted in Figures 8 and 9. Figures 8 and 9
show that the variation in K1, with the solutionizing tem-
perature and cooling rate has the same tendency as does
oUF. However, the increase in K, by addition of hydrogen to -
as a temporary alloying element was less than the in- 147.C AC in 2+ 800"C Outos
crease in. o'v, particularly for P HST followed by AC. ,o,1470C AC in Vacuum + 8001C Aging

For example, comparing 1147 *C HST followed by AC
with VST + AC o'F increased by 100 pct but Kk only 51
42 pct, and after 1225 *C HST, oq and K, increased 60 0 08 t6 24 3.2 40 48 56 64 72
and 10 pet, respectively. This may be partially due to
the different content of hydrogen as a temporary P sta-
bilizer in the WOL specimens compared to the bend (a)
specimens (Table I), although all the mechanical tests
were done on hydrogen-free specimens.

25

E. Deformation and Cracking

For a 2 + 3 titanium aluminide, even though the Burgers
relationship is expected to exist between a 2 and ordered
or disordered retained P3 phase, I .'"'Is the a 2/P3 bound- 

-  -

aries appear to be effective barriers to slip and act to 20 - d
confine active dislocations to individual a 2 plate-
lets.1t'8 ' t91 Our light microscopy observations are consis-
tent with this view, as shown in Figure 11. When WOL
specimens with 1075 °C HST were loaded to K, P
16.6 MPa mi 2, some single slip bands occurred in a pri-
mary a 2 platelet at site b (Figure 1 l(b)). Increasing K, 2 15
to 18 MPa m' , the slip bands were observed in the other 0
primary a 2 platelets at a, c, and d locations, and the
secondary slip system was activated in the primary a 2
platelets at a and b sites (Figure 1 (c)). In general, the
slip was limited to the individual a2 platelets, particu-
larly for low K, values. When the plastic deformation 10
developed to a critical extent, the discontinuous brittle
cracks, e.g., g in Figure 1 (e), initiated preferentially in
the a 2 platelets. 0 1000 C/AC in H2 + 800*C Outgas

Figure 12(a) shows that when the WOL specimen with o IOO00C/AC in Vacuum +800*C Aging
1147 'C VST followed by CC was loaded to K, =
13.9 MPa i 2 , the discontinuous crack arrested at an 5 0 0 1
iraterphase boundary at the b site; and with increasing K,, 0 08 16 24 32 40 48 56
the new discontinuous cracks initiated in the individual %

a, phase at b, c. and d locations rather than passing
through the a2/ boundary at the b site. The above- (b)
mentioned situations are applicable for all micro-stctureds. tuior s am re 12(b) fndicates atl thr Fig 10-Crack growth resistance or R curves for bnttle cracking.
structures. For example, Figure 12(b) indicates that the showing applied K, as a function of Aa/a (a = crack length). corn-
brittle cracks in the specimen with 1147 'C VST + AC paring VST and HST material: (a) VST and HST at 1147 OC. fol-

initiated discontinuously in the individual a, platelets. lowed b% AC. and (b) VST and HST at 1000 'C.
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and the interphase boundaries are effective barriers to
crack initiation and propagation.

F. Fractography

The fracture surface resulting from (3 HST followed
by AC, which consists of small brittle fracture regions
with a cleavage-like appearance, surrounded by very small
areas of ductile tearing, is evidently different from that
for VST, which consists of predominantly larger brittle
fracture regions, comparing Figure 13(b) with
Figure 13(a). This is consistent with the microstructures
shown in Figure 1, because one would expect that cleav-
age fracture would occur first in the individual a2 plate-
lets and then join together through ductile tearing of the
retained or transformed 3 phase. That is consistent with
Figure 14, which is a fractograph corresponding to themicrostructure resulting from 1147 0C HST followed by Fig 14-Comprison of fracture surface with microstructural scale
Aic.rotucthatre raturo units crespod iT slead and morphology in an 1147 C HST air-cooled specimen which hasAC. Note that the fracture units correspond in scale and been plateau-etched.1301

morphology to the adjacent microstructure in this plateau-
etched" 1 specimen.

In the furnace-cooled condition, however, the fracture
surface resulting from HST seems similar to that under vacuum, as shown in Figures 15(a) and (b). Both frac-

ture surfaces consist of predominantly cleavage-like
fracture, and the colonies behave as a unit during this
brittle fracture.

Comparing the fracture surface resulting from a2 +/3
solution treating followed by AC with that under vac-
uum, there is some difference, because HST can de-
crease the size of transformed a2 phase and increase the
retained 3 phase content, as shown in Figures 15(c)
and (d).

IV. DISCUSSION

Addition of Nb, which is a P stabilizer, to Ti3AI re-
sulted in significant increases not only in ductility but
also in strength.1 1.6. 11 Figure 4 shows that hydrogen as
a temporary 3 stabilizer clearly increased strength if ST
was within the 3 phase field and was followed by AC.

01 There are several possible strengthening contribu-
tions17' 2 1 in the a2 + 3 titanium aluminide. Included are
long-range order strengthening of the a, phase, solution
strengthening of the individual phases, grain boundary
and interphase boundary strengthening, slip length ef-
fects, and possibly some texture strengthening.'7M For the
titanium aluminide, 3 grain size was about 2 to 3 mm
and was not under the influence of the above-mentioned
heat treatments, including solution treating under hydro-
gen. Hydrogen, as a temporary alloying element, will
influence neither long-range order strengthening nor so-
lution strengthening of the final material. Therefore, an
additional strengthening resulting from hydrogen should
be due to increases in the interphase boundary strength-
ening. reduction in slip length, or some texture strength-
ening. any of which could result from the microstruciure
change induced by solution treating under hydrogen gas.

bMM The transfer of slip across an interphase boundary re-

Fig. 13-Fracture surlaces of notched bend bar,, hich were solution quires some readjustment locally so that the Burgers vec-

treated at 1147 C and air cooled observed b% SEM (ai VST and tor of the slip dislocation in the first phase is conserved
(b) HST between the two structures. On the other hand. elastic
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ab

cd

Fig 15-Fractography by SEM of bend bar specimens. showing details of the brittle, cleavage-like fracture. (a) 1147 TC VST which was furnace
cooled, (b 1147 TC HST which was furnace cooled, (c) 1000 *C VST plus AC, and (d) 1000 TC HST plus AC.

constraint also increases the local flow stress and pro- hydride content curve was almost parallel to the o- vs
vides a substantial additional increment in strength. hydride content curve. Therefore, Kj( can be measured
Therefore, the unique, fine a 2 phase surrounded by fine against o-, for this titanium aluminide alloy.
retained or transformed / phase, which is just the micro-
structure resulting from 1ST followed by AC, will V C
result in the largest strengthening effect. In addition, slip
is limited in the individual a, platelets, particularly in I . For 1147 *C P3 solution treating followed by AC, hy-
the earlier period of plastic deformation (Figure 11 ), thus, drogen as a temporary /3 stabilizer clearly decreased
the narrower the a, platelet, the smaller the slip length, the size of the a 2 phase and increased greatly the re-
which results in the larger strengthening effect. tained or transformed P3 phase content. Consequently,

Furnace cooling resulted in a moderate size of the a2 strength, ductility, fracture strength (O-F), and frac-
colony and produced low strength. Besides, FC after P3 ture toughness (K,,) increased by 120, 60, 100, and
HST resulted in only a little increase in strength corn- 42 pct, respectively, in specimens for which hydro-
pared with that under vacuum, because the sizes of the gen was present during /3 --- a, transformation but
colony and the a, were not under the influence of hy- was removed before mechanical tests.
drogen as a temporary P3 stabilizer. 2. Slow cooling, resulting in moderate-sized ce2 colonies

Because the britile cracks were found to initiate dis- produced low values of properties like strength, duc-
continuously within tl'e individual a, platelets and the tility, o-p, and K,,. The solution treating under hy-
a2//3 interphase boundary is an effective barrier to ini- drogen followed by FC did not decrease the S17C Of
tiation and pr )pjcdiloi of these cracks, the greater the the a, phase and colony' but only increased the re-
retained or transformed (3 content and the finer the a, tamned or transforrneu / content and resulted in only
platelets ,urrounded b% the /3 phase. thle larg~er the re- a little increase in %,arious properties Thu,. increases
sistance to brittle crack propagation and the Z!larger the in the retained or transformed [3 content oniN were
fracture toughness K,,. K,, has, the samne dependence on not effective in iproving properfies
microstrueture as do the fracture strength. (r, ad~ the 3 In the (r, + (3 phase field, hydrogen at, a temiporary
tens"ile stiength Pre% iou', v-ork Indicated tfhat thle K, I( 3 stahilIi/ei chaneCd thle sIA: of trawnformcd (t,. phasle
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and retained A3 content, rather than the size and mor- 6. M.J. Blackburn and M.P. Smith: Technical Report, AFML-TR-
phology of primary &r2 phase, and resulted in some 80-4175, Air Force Materials Laboratory, Wright-Patterson AFB.

incrasesin vrios prpertes.OH, 1980.incrase in arius popeties 7.C.H. Ward, S.C. Williams, A.W. Thompson, D.G. Rosenthal.
4. Strength, ductility, and orF decreased rapidly at cross- and P.H. Froes: in Titanium Science. Technology and Applications.

head speeds of 50 to 500 mm/mmn but attained con- Proc. 6th World Conf. on Ti. P. Lacombe, R. Tricot, and
stant values for crosshead speeds less than 50 mni/min. G. Beranger, eds., Les Editions de Physique, Paris, 1989,
independent of microstructutre. At the crosshead speed pp. 1103-08.
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Introduction

The Hall-Petch equation, in which yield strength (r. is related to grain size d through the relation a. a, + k,d'4, where
a, and I , are constants, describes the behavior of many materials (1-5). Vasudevan, t aL (6) found that the yield strength
in TiAI, an intermetallic compound which has enjoyed considerable recent attention (7), apparently obeyed the Hall-Petch
relationship, and they obtained a relatively large value for the constant k,. However, each of the five data (6,8,9) comprising

their Hall-Petch plot was obtained from a sejarate material which had different composition, microstructure, or both. For
example, the Ti.48 aL%Al alloy (9) had a yKa structure, while both Ti-52 at.% Al (9) and Ti-54 at.% Al (8) were single-
phase y, and Ti-50 AI-0.4 Er (6) contained a second phase, Er2O3, which increased the yield strength (' is the TiAl phase,

o2is based on Ti3 Al). In fact, it should not be necessary to infer the grain size dependence of yielding from such a disparate
data set, since the size of equiaxed grains of single-phase yin the TiAl alloys can be readily changed through heat treatmenp'
at different temperatures. Therefore, the effect of grain size of single-phase I on the yield strength can be investigated
without changing composition and microstructure. Such measurements were one goal of this work.

For the Ti-50 at.%Al alloy, either equiaxed grains of single-phase y, or a lamellar structure of intimately mixed y and cU,
was obtained through heat treatments at different temperatures. Inaddition tothe goal of grain-size investigation, we wished
to assess the effect of the lamellar microstructure on the mechanical properties.

EpriIRet al prceur

Our starting material was a cast and homogenized ingot of TiAl, with composition as follows (in atomic %): Al = 49.9,

Fe = 0.16,0 = 0.12, N =0.005, H =0.14. The specimens were rough-cut from the ingot, heat treated, and finish-machined

and polished. The !ensile specimens had a rectangular gage section of 8 mm x 0.4 mm; compression parallelopipeds had
dimensions of 2.5 mm x 3.5 mm x 5.5 mn. All specimens were sealed in evacuated tubes and heat treated at 1 135"C to
1425"C for 0.5 to 65 hours to get various grain sizes and (above 1300) to produce lanellar microstructures. They were
then air cooled, and subsequently annealed at 900"C for 2 hours to stabilize the microstructure. Grain size was measured
as the mean linear intercept diameter. Three to five tests were conducted for each grain size, in both tension and compression.

Results and Discussion

Equiaxed grains of single-phase y were obtained if theTi-50 Al alloy was heat treated between 1135'C and 1300*C, as
shown in Fig. 1(a). Specimens for test had grain sizes of I c , 22.4, 39, 63 and 123 pm. After heat treatment at 1425"C, a

lamellar structure with a mixture of y and a2 was formed. This two-phase microstructure may have resulted either from

641
0036-9-48/91 $3.00 + .00

Copyright (c) 1991 Pergamon Press plc



642 YIELD STRENGTH IN TiAl Vol. 2S, No. 3

enteing they+otphase field at higher temperature (10), with c ordering to oton cooling, orfrom aluminum loss during high
temperaurheaut treatment (10). There should, however, be no aluminum loss for the equiaxedgrains of this study(O),since
nonewere heat-treated above 1300"C. In the lamellarstructure, the volume fraction of 02 was about 0.3; the average width
of the individual lamellae was about 5-10 pnt, as shown in Fig. 1(b). A mixed structure with various volume fractions of
the lamellar constituent, mixed with y grains, was obtained after heat treatment at 1320"C to 1400"C. X-ray diffraction
analysis of the bulk samples confirmed that the equiaxed grains were single-phase ybut that the lamellar structure consisted
of two-phase y u2, as has been presented elsewhere (11).

Ti dependence of the average yield strength (tensile and compression tests) on grain size is shown in Fig. 2. For the
equiaxed grains of single-phase y, the yield strength measured by either tensile or compression tests obeyed the Hall-Petch
relationship, i.e.

-173 MPa + 0.130 MPam i d" 2 (tension)
a, =235 MPa + 0.124 MPamW d 4 (compression)

The fracture strain in tension increased a little when the size of the equiaxed grains was decreased. The yield strength of
the lamellar structure, however, was larger than that of the equiaxed grains, e.g., 236 MPa (tensile) or 278 MPa
(compression), respectively, as shown in Fig. 2. For the fully lamellar structure obtained by heat treatment at 1425"C, the
value ofa was larger than would be predicted from the prior y grain size (which is the dimension d for which the lamellar
data point is plotted in Fig. 2). It would of course be expected that the lamellar boundaries in the +, ,tructure might act
as slip barriers, making the lamellar width a more appropriate value ofd for Fig. 2 than the prior ygrain size. rixtrpolaion
oftheplonedline forcompressive testresults, by the equation above, to the measured yield strength for the lamellar-tructumre
provides an estimate of the effective slip distance, ord, in that structure. That estimate is 8 tim, in reasonable accord with
the measured width of the lamellae, 5-10 im. This does not necessarily prove that the lamellar width is the primary slip
unit in this microstructure, only that there is a quantitative agreement between the estimated and measured values for this
parameter. There are many otherfactors which potentially affect the strengthening ofmicrostructures with twophases, both
of which are ductile (12,13), including the roles of heterophase boundaries and the individual flow stresses and textures of
each phase. Thus more work would be needed to assess accurately the strengthening contributions in this microstructure.

The value of the Hall-letch slope, k, in Fi& 2 is given in the equations above. The slope values in tension and compression

are quite similar, and are more than an order of magnitude smaller than the value estimated by Vsudevan, er al. (6), which

was k, = 1.37 MPamW. The present data are inserted in the pivious figure (6) in Fig. 3. Although it is difficult to be sure
of the basis for such a large difference in results, there are some possible explanations. One is impurity content. Oxygen
and otherinterstitial impurities are expected to be potent strengtheners in TAI, and published reports on TAI do not always
give interstitial content. Ouroxygen plus nitrogen content was 1250 at. ppm, while that of both Lipsitt, etal. (8) and Huang
(9) was about 2900 at. ppm. One estimate (9) is that 3000 at. ppm interstitials in TA1 could increase the yield strength by
as much as 200 MPa at room temperature. Anotherpossible variable is the starting dislocation density, which should depend
on processing history. But since both these variables increase strength as their value is raised, it could be concluded that
results with lower yield strength should represent more nearly intrinsic behavior. The one variable which could either raise
or lower strength is crystallographic texture (14). Neither we nor any of the accounts in the literature have presented texture
results, so this is at present a moot point; however, our diffractometer intensities are in good agreement with the powder
data file, and Laue results indicate no strong texture in our material. In light of all these factors, we suggest that our data
are a more reliable measure of k, than the prior value (6).

In light of the foregoing, it may be appropriate to observe that the single-phase Ti-50 Al data point (6) in Fig. 3 appears
to agree well with the trend of the present data. The higher strengths of the 52 and 54 at.% materials may reflect high
interstitial content, solution strengthening by aluminum, or other effects. The 48 at.% and Ti + Er, which were not single-
phase structures, are still stronger but probably are inappropriate for inclusion in the same figure with the single-phase ydata.
It may also be noted that the values of;. in ourresults, shown above, are in reasonable agreement with the TiAI single crystal
results of Kawabata, et al. (15), who found for various onentations an average yield strength of about 200 MPa. This average
includes the multiple-slip orientations appropriate (4) for comparison to polycrystal data.
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Fig. 1. Mcrostructunes of tiAl, both at same magnification. (a) Equiaxed grains of single-phasey
produced by heat treatment at 1250*C 2 hrs. (b) Lamellar structure after heat treatment at 1425*C.
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We do not know the reason for the tension-compression asymmetry or strength differential in Fig. 2. The data shown are
the result of multiple tests results of which were quite consistent, so scatter in the data is not the answer. We have particular
confidence in the compression tests, because compression specimens could be strained to considerably greater strains with
no evidence of cracking, whereas cracks could be observed in some of the tensile specimen gage lengths, away from the
location of fracture, after failure. We found no indication, in sectioning experiments, that this tensile cracking occurred
at strains near the yield strain. Nevertheless, the absence of any cracking in compression specimens. at strains larger than
the failure strain in tension, probably rules out any cracking effect on the compression data. If the asymmetry in Fig. 2 is
real, as we believe it is, it should be noted that it has the same sign as does the strength differential in steels, though of a
somewhat greater magnitude (16-19). The conventional explanation for the effect in steels, based on dislocation density
(19), would not appear to apply to the -,microstructures of the present work. Further work is needed on this topic, as on
numerous other problems in mechanical behavior of titanium aluminides (7,11,20).
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Abstract

Envimnmental effe.t on titnnhim liininide alvo wt . tPat11vnf -r.pt imnrtno* fnr
engineering applications of these materials, although little has been published to date on such
effects. The primary emphasis in this paper is on hydrogen effects, with a brief reference to
oxygen effects. Hydrogen is readily absorbed at elevated temperature into all the titanium
al., decomposions .udied to date, in amounts as large as 10 aL %, and on cooling virtually
all this hydrogen is precipitated as a hydride phase or phases. The presence of these precipitated
hydride plates affec mechanical properties in ways similar to what is observed in other hydride-
forming materials, although effects per unit volume of hydride are not particularly severe in the
titanium alminides. Microstructe and thus thermal and mechanical history, plays a major role
in controlling the severity of hydrogen effects.

C



Introduction

Titanium aluminide alloys have enjoyed considerable recent attention, with both a specific
development goal as potentially useful aerospace materials for future generations of both jet
engines and airframes, and also with a general goal as a new generation of titanium alloys [1,2].
One particular property of interest for aerospace usage, particularly in the National Aerospace
Plane (NASP) project [3], is compatibility with hydrogen. Among the earliest titanium aluminide
alloys developed [4,5] was one based on TiAl, T1-24-11 (24% Al, ll%Nb in atomic per cent).
Initial work on hydrogen effects was focused on this alloy, because of its availability,
metallurgical knowledge (recently reviewed [6]), and technical interest for near-term aerospace
applications. In addition, it can be prepared with very small amounts of beta phase in many
accessible microstructures, when composition is on the lean side of the specification, making it
either a single-phase aluminide alloy with the q2 structure or an ,2 + p alloy.

Extensive knowledge of hydrogen embrittlement phenomena provides a complete set of
analytical and experimental tools to evaluate performance of an alloy like .M-24-11. A variety of
mechanical tests, described below, have been performed and the results interpreted in terms of
conventional procedures and models. These are compared in this work to mechanical properties
of uncharged material, with the goal of understanding both types of properties.

Experiments

The composition and thermomechavical history of the starting materials have been described
in previous publications[7,8]. Most of the work was conducted on the a2 phase (Ti3Al) alloy,
Ti-24-1 1, with some additional testing on one y alloy, Ti-50 Al. Both these alloys were close to
their nominai ervIflons. Fort4s.TL')AA I o~ -or -- Ias comducted ona
prepared by p solution treatment at 1150"C, air cooling, and stabilization aging at 700 or 800C.
Microstructural variations were achieved by solution treating in either the a2+P or A phase fields.
The p transus is about 1100"C in this material, so treatments at 1000 and 1075"C were sub-
transus, while the 1150 and 1225"C treatments are in the all-p field. Treatments were carried out
in vacuum. After solution treatment, specimens were subjected to three cooling rates: air cooling
(most rapid), furnace cooling, and controlled cooling (slowest). Upon reaching room
temperature, all specimens were then given a final treatment of 800"C for 3 hours in vacuum.

Mechanical tests included tensile, bend bar, and both wedge-opening load (WOL) and
compact tension specimens with a thickness of 9 mm, tested at a variety of temperatures and
strain rates. Other s dimensions have been presented elsewhere [7-9]. The bend bars
were chosen to match the dimensions analyzed by Griffiths and Owen [10] to facilitate mapping
of local stress and strain below the notch root (10-12]. The WOL specimens were used both for
conventional fracture toughness testing, i.e., determination of K1" under ASTM validity
conditions, together with the compact tension specimens, and also for sustained-load testing with
bolt loading, in order to determine the threshold stress for initiation of cracking with hydrogen,
KI, under falling-load conditions [13]. Crack propagation tests were also performed with the
WOL specimens.

These alloys absorb considerable hydrogen from the gas phase at 1 atm pressure, at
temperatures above 500"C. Electrolytic and gas-phase methods for introducing hydrogen were
developed, although most testing was conducted with gas-phase charged hydrogen. Gas-phase
charging with a Sieverts apparatus [14,151 was found to be fully reversible, an important point
not only for solvus measurements, but also for the separation of intrinsic hydrogen effects from
damage caused during charging [11]. In the present experiments, charging of several atomic per
cent of hydrogen made the verification of uptake simple through weighing of samples on a Z
microbalance. Removal of hydrogen by repeating the aging heat treatment in vacuum was also
verified by return of the sample to its original weight. For solvus measurements, 1O-g
specimens were used, and when weighed on a balance with a 10 gg sensitivity, the precision of
measurement was within 10 wppm. Samples typically returned to the original weight within 25
gg after hydrogen removal.



Results

Hydren Dissolution
A hydrogen solvus has been measured for Ti-24-11 [16,17], as illustrated in Figure 1. The

solvus measurements, heats of solution and partial molar fiee energies for hydrogen, and other
related observations have been collected elsewhere [16]. Measurements were also made of the
equilibrium solvi for various overpressures of hydrogen, over the temperature range 400 to
675C. These solvi provide a tool for charging to chosen levels of hydrogen, using low
hydrogen gas pressures circa 1 atm. It may also be noted that extrapolation of the solvus in
Figure I to room temperature, using a spline fit, gives an estimate of the room temperature
soubility of about 10 ppb. This is, of course, a crude estimate, but does suggest that virtually all
cV ,ged hydrogen precipitates as hydride upon cooling.

The hydride phase forms as elongated plates in the q2 phase. X-ray diffraction was used to
determine that the hydride typically has the same structure as does the y hydride in the T-H
systan, sometimes called TIH2, though since they structure extends to either side of "71W and
barely, if at all, reaches to Ti2, Till would probably be a = .re appropriate term. For low
charged amounts of hydrogen, the hydride c/a ratio was sometimes observed to be unity, i.e.,
f.c.c. y, but in other cases the structure was f.c.t. For large charged amounts of hydrogen, we
consistently found the f.c.t. hydride structure. Others have reported that they did not observe
this hydride structure in Ti-24-11 using electron diffraction [18], but we have made numerous
observations of the y hydride structure by X-ray in this investigation. We do not know the
stoichiometry of the hydride in Ti-24-1 1, neither its metal-to-hydrogen ratio nor the identity of
the metal element(s). Since Nb substitutes for Ti in the q2 lattice, it would seem likely that Nb
also participates in the hydride. ie. that the nominal composition is (Ti.Nb)H. Moreover, it is at
least possi6le [18] that Al also participates as (TiNb l)L These suggestions are supported by
the observation that the Ti-24-11 hydride has a larger lattice parameter than the y hydride in the
Ti-H system.

Hydrogen is a potent stabilizer of the beta phase in titanium alloys, and particularly when
amounts of the order of 10 at. % are charged, acts as a significant alloying element. This
alloying eleme, t is then readily removed by low-temperat heat treatment in vacuum. These
circumstances raise the possibility that in Ti-24-11, as in conventional titanium alloyst19],
significant modification to microstructure would be achievable through use of hydrogen as a
temporary alloying element. This expectation has been explored in some detail, and results are
reported elsewhere [8].
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600 Figure 1. Solvus for hydrogen in
Ti-24-11, measured by two
methods (cf. [16]), dividing
hydrogen in solid solution
in the a2 phase (at left) from
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Mechanical properties of the 711-24-11 alloy have been studied using the secimen tyes
described above. The first p art of the mechanical investigation comprised tensie tests using a
range of strain rates, performed at several epeatures ~n, theC ran-ge -200*C to 40C
Uncharged specimens as well as specimens thermally charged to hydrogen contents between 500
and 2500 ppm by weight (2.5 -12.5 at. %) were tested under the conditions mentioned. Among
the results were observation of a range in tensile ductilities from 0.5 to 2.5%, and a pronouncedJ
strain rate effect, with an extremely steep fail in ductility for tests at rates above about 0.01 s-1.
This was true both with and without hydopen, Figure 2, although the introduction of hydrogen
lowered the critical rate somewhat, in addition to decreasing the stress and strain associated with
fracture. This rate effect essentially represents the intervention of fracture in the stress-swrain
curve prior to yield, since no such rate effect could be detected when compression tests were
conducted under otherwise identical conditions [20].

The dependence of tensile properties [9] on temperature and hydrogen content, respectively,
is shown in Figures 3 and 4. In Figure 3, a strongly increasing ductility and a moderate increase
in work hardening capacity are evident as temperature rises from the essentially nil ductility
behavior at liquid nitrogen temperature, where tensile yield and fracture are essentially
coincident. Figure 4 shows that for hydrogen contents exceeding 1000 wppm (essentially all in
the form of precipitated hydrides), fracture precedes yield in tension. Yet even in this apparently
brittle circumstance, some necing and consequent fracture swrain are still observed.

To facilitate study of the brittle fracture process in Ti-24-1 1, notched bend bar specimens -

were also tested, under parallel conditions to those mentioned for the tensile tests. Generally,
very similar phenomena were observed, including the pronounced strain rate effect [7,9]. Using
established analysis methods [10-12,21], it was possible from these tests to calculate the true,
intrinsic fracture strength aF for brittle fracture (having the appearance of cleavage) in these
specimens. This strength was found to be independent of temperature, in agreement with the
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classical expectation [21], Figure 5. It should be pointed out, however, that this observation
does not necessarily imply that fracture occurs by cleavage, only that it is a stress-controlled
brittle fracture [21].

The bend-bar experiments showed that propagation of brittle cracks appeared to take place in
a stable manner during slow loading, and resistance to this slow propagation was dependent on
crosshead speed and hydrogen content. Accordingly, additional tests were conducted with pre-
cracked WOL specimens to permit measurement of crack resistance or R curves [9] and
conventional toughness popetes as well as crack initiation resistance. Toughness, as measured
by Kic, and the threshold stress to initiate cracking in hydrogen, KIN, were both found to
decrease smoothly with increasing hydrogen content in tests using fracture mechanics sce
(both in compact tension and WOL configurations). These data; together with the fracture
S nh measured in bend bars, are collected in Figure 6. Although the toughness does decrease
considerably with charged hydrogen (as do tensile properties in Figure 4), it should be noted that
the hydrogen contents are very large, compared to damaging amounts in a number of other
materials including steels and nickel-baselZ°; [n]. Thus Figures 4 and 6 could be interpreted
as showing that Ti-24-1 1 actually is a rlatively hydrogen-tolerant alloy.

.The possibility that the reduced toughness and crack initiation resistance observed in
hydrogen-c "1-24-11 could lead to sustained-load crack propagaon was also investigated.
This was done in two different experiments. One involved sustained-load testing of a
conventional pre-cracked WOL specimen which was precharged with hydrogen, then tested at
room temperature. A second test examined environmental effects by inserting a precracied WOL
specimen into hydrogen gas at 400C, under 1 atm. pressure. The results showed that although
hydrogen-induced cracking did initiate at RT in the pre-charged specimen, only a small distance
of crack propagation ensued. At 400*C, however, more extensive crack growth occurred, and it
was possible to measure the increase of crack length, a, with time, da/dt. The threshold for
cracking, KIH, could be measured as cracking began. Crack initiation appeared to begin at the
specimen surface within the plastic zone, in a discontinuous fashion, when the level of plastic
deformation in the zone reached a critical value. This pattern of behavior was similar to what
was seen with brittle crack initiation during monotonic loading in the earlier results.

The variation of toughness and ductility with temperature is shown in Figure 7. The effect of
hydride in a precracked specimen, as a function of microstructure, has been tested at 400C, and
both the toughness and the hydrogen threshold Ka were found to decrease with increasing
hydride content at 400"C, Figure 8. This is similar to the general pattern of results at room
temperature, and shows that the increased ductility and work-hardening capacity observed at
400 C in Figure 3 does not result in greater resistance to hydrogen effects at the same
temperature. -

Metalloahv and Fractom h
For all microstructures, slip was observed to occur discontinuously in the individual plates of .>

a2 phase [8,9,23]. With increasing stress intensity levels in precracked specimens,
discontinuous cracks nuclelted in individual a2 plates ahead of the main crack and then joined up
to accomplish crack extension. Thus it appears that the q2/P interphase boundaries are effective
barriers to both slip and crack propagation. Slip lines were readily evident on prepolished
specimen surfaces, making the extent of plasticity at notch roots or crack tips observable in the
scanning electron microscope (SEM) or by polarized light in the light microscope.

Fractographic examination revealed that fracture in tension or bend bars took place by a
cleavage-like process in small facet-like features. The size and shape of these features
corresponded accurately to the plates of a2 in the microstructure, Figure 9. One means of
demonstrating this was by "plateau etching" [24] of fracture surfaces, as shown in Figure 10.
Here the direct correspondence between microstructural and fractographic features is evident.

Since it has not been determined that this fracture is crystallographic in a2 nor that it occurs
on a low-index plane of the a2, it would be inappropriate to designate it as "cleavage," although
the fractographic appearance is consistent with micro-fracture in a cleavage mode. The fracture
process thus appears to be one of tearing in the "matrix" of transformed beta around the primary



- 40
517M -

KC M

is - 0

20

In 125 com Figure 7. Dependence of yield
strength, fracture strain,

z A nominal fracture stress in
100ow bend bars, and toughnessZA K10 as a function of test

3m

-2

1

400
0 100. 200 300 400 5oo

40
40 Ke. 400 C

%% 0

130 0

Figure 8. Variation of fracture
toughness Kle and threshold
for hydrogen cracking Kw as

afunction of hydrogen
20 content, expressed as volume

KIW 4W0C fraction of hydride phase, for
* tests at 400*C

10

5 10 15 20

Hydrido, %



ot2 plates, and a brittle fracture of cleavage-like appearance in the plates themselves. Similar
observations have been made in other titanium alloys and in certain microstructures of titanium
aluminides [25,26].

Fracture surfaces of the hydrogen-induced cracking in hydrogen gas at 400"C was closely
related to the microstructure, as in room temperature tests conducted earlier, such as Figure 10.
A brittle fracture appearance, cleavage-like in character, was found for all microstructures, and
apa to be somewhat more brittle than was observed for uncharged specimens tested at

4ZALRC

We have begun work on TiAl alloys of mixed u2 and y microstructure, primarily in the
binary alloys I-50 Al and Ti-46Al. The first step was to establish the hydrogen solvus for the
Ti-50 Al material, since no solvus appears to have been determined to date for any y or near-y
alloy. Our result is shown in Figure 11, with which our Ti-24-11 solvus shown in Figure 1 can
be compared. Although substantial amounts of hydrogen can be charged into this alloy above
800C, the levels of solubility at each temperature are distinctly lower than for Ti-24-11. This
presumably reflects a lower solubility in the y phase. Below 1300C, our Ti-50 Al material was
all y. As solution treatment temperatures were increased above 1300"C, the alloy contained
increasing amounts of q2, to as much as one-third, resulting either from entering the a + y phase
field (e orders to q2 on cooling), or possibly due to aluminum loss during heat treatment [27].

Examination of the charged and cooled y phase material reveals very extensive hydride
formation, as in the case of Ti-24-11, and again, the hydride in Ti-50 Al has the structure of TIH,
the f.c.t. y hydride in the Ti-H system, for hydrogen contents below about 1000 wppm. At
higher hydrogen contents, it appears from our X-ray observations that one or two additional
hydride crystal structures are also present. Work on mechanical behavior of hydride-containing
Ti-SO Al has necessitated care with cooling rates from hydrogen charging temperatures, for
hydrogen levels above 2000 wppm. At such hydrogen levels, cracking can result on cooling
unless slow cooling rates are maintained. At very high hydrogen levels, 6000 wppm and above,
powdering of the alloy was encountered even at moderate cooling rates, a convenient result for
X-ray analysis but one effectively precluding mechanical tests.

30Pmi

Figure 9. (Left) Microstructure of Ti-24-11 tested for most of this work (I 150"C solution
treatment, air cooled, and aged 3 h at 800"C. Figure 10 (Right) Fracture surface of
microstructure in Figure 9, plateau etched [24]. Lower left corner is polished and etched,
rest of photograph is fracture surface, with scanning electron microscopy.



Preliminary mechanical tests have been conducted on all-y material, with hydrogen contents
up to 5000 wppm. To minimize complications from premature fracture, these tests were
conducted in compression. Results are shown in Fgure 12. s n Ti-24-1 1, the hydride phase
strengthens the material, but compared to Figure 3, the magnitude of the effect in Figure 12 is
quite modest. In Ti-5O Al, the higher charging temperatures used for higher hydrogen contents
also coarsened the grain size. Thus the modest strengthening shown in Figure 12 is understated
if a correction for grain size strengthening is considere Itis interesting that the strengthening
"saturates" above about 1500 wppm hydrogen. If the strengthening is due to reduction of slip
length by increasing subdivision oft the y grains by hydride plates, the effect would e expected
to saturate as the volume increasingly fills with hydride, leaving little matrix to subdivide further.

As a brief summary, oxidation tests on both Tti3 and TiAl have shown that protective
oxides tend not to be formed in air. For Ti3A there is evidence that titania is the oxide formed,
and is poorly protective, with relatively large weight gains observed. For TiAI, oxidation is
more rapid in air than in oxygen, with a rapid increase in oxidation rate above 850"C in air and
above 950C in oxgyen. This evidently rpresents the formation of a relatively protective scale,
probably A1203, at the lower temperatures, with ncreasing amounts of titania at the higher
temperatures. The nucleation of oxide islands suggests that en at relatively low temperatures,
the oxide formed may not be entirely protwive. These preliminary results [28] have stimulated
additional work to examine the behavior of both alloys as a function of gas composition and
temperature. Particularly for TAI, there appears to be a selective oxidation process involved.
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Figure 11. Apparent hydrogen solvus for Ti-50 Al, in all-y microstructure, in equilibrium with
hydride phase(s), determined by P (pressure) vs. l/T method. Note break in scale of
hydrogen concentration in order to display full range of data clearly.
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Figure 12. Yield strength as a function of hydrogen concentration (present as hydride) at room
tempeature, in Ti-50 Al. All charging conducted below I"C, so material was all y.

Concluding Remarks

Major features of the experimental results have received comment as presented above. It
remains to discuss the larger issues raised by these data. Most of the results obtained here are
generally similar to literature results. Deformation observations in particular agree in all respects
with published results [e.g. refs. 23,29,30]. The hydride results shown here are substantially
m,--- complete than any in print, though some significant questions remain. The stoichiometry
and in some instances the crystal structure of the I. ;ride(s) m these alloys needs investigation.

The fracture process, although cleavage-like in appearance, may not be classical cleavage in
character. Expectations of baswl plan cleavage [30] have not been borne out in any fracture
determinations to date, and in the present work, microcracking has been observed parallel to, not
perpendicular to [30] slip traces. Of greater significance is the tearing process observed in the
regions of transformed beta surrounding the q2 constituent. Whether this reflects the dominant
role of retained p, or is caused by microstructural units being too small for cracks to nucleate by a
cleavage process [21], is not known. It has been shown, at least, that brittle fracture in T-24-11
is not a classical stress-controlled fracture, but has a critical strain component to cracking [9].
Additional work on microstructural variation and micromechanisms of fracture would be most
welcome.
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Abstract

Equiaxed grains of varying size were produced in a single-phase - microstructure of TiAI of
equiatomic composition by heat treatment between 1135"C and 1300"C. The yield strength
measured in compression for these microstructures obeyed a Hall-Petch relation,

ay = 235 MPa + 0.124 MPaml/2 d-1/ 2 ,
which includes a Hall-Petch slope more than ten times smaller than recently reported in the
literature. The discrepancy may have arisen from impurity or other material effects. Heat
treatment above 1300"C produced a y + C2 microstructure of lamellar morphology. After heat
treatment at 1425"C, the lamellar constituent formed 100% of the microstructure and contained
about one-third q2 phase. Yield and fracture strengths of this mixed microstructure were higher
than for the single-phase ymaterial. Results on hydrogen effects are also included. Hydrogen is
readily absorbed at elevated temperature into the y titanium aluminide, in amounts as large as 50
at. %, and on cooling virtually all this hydrogen is precipitated as a hydride phase or phases.
The presence of these precipitated hydrides affects mechanical properties in ways similar to what
is observed in other hydride-forming materials. Strengthening produced by the hydride phase
appeared to "saturate" at about 6 at.% hydrogen.



Introduction

There has been extensive interest expressed in recent years in titanium aluminide alloys. In
addition to their potential as a new generation of titanium alloys [1,2], they also have been
identified as candidate aerospace materials for future generations of both jet engines and
airframes, particularly for the National Aerospace Plane (NASP) project [3]. Among the earliest
titanium aluminide alloys developed [4,5] was one based on Ti3Al, Ti-24-11 (24% Al, lI%Nb
in atomic per cent), with a family of related alloys emerging since that time [6]. More recently,
interest has also been drawn to TiAl alloys [2], either with a single-phase y aluminide structure or
as a y + a2 structure.

This paper is a brief description of our recent experiments on yield strength and hydride
effects on mechanical behavior in a single-phase y alloy, Ti-50 Al. The interest in yield strength
arose from tie publication of Vasudevan, et al. [7], reporting determination of Hall-Petch
parameters for TiAl. For the subject of hydrogen effects, we draw upon a broad background of
knowledge about hydrogen embrittlement phenomena [8,9], including recent work on hydrogen
in Ti-24-11 [10-12] and in TiAl [13], to address hydrogen performance of thisy alloy.

Experimental Procedure

The starting TiA1 material had the following composition (in atomic %): Al = 49.9, Fe =
0.16, 0 = 0.12, N = 0.005, H = 0.14. It was in the form of a cast and homogenized ingot
Specimens were rough-cut from the ingot, heat treated, and finish machined. The specimens
incluaed a flat tensile with a gage section 8 mm x 0.4 mm; compression cubes with dimensions
of 2.5 mm x 3.5 mm x 5.5 mm; and single-edge notched bend bars containing a Charpy-type
notch of depth 1.67 mm and root radius 0.25 mm (following the Griffiths and Owen [14]
design). All samples were sealed in evacuated tubes and heat treated at 1135'C to 1425"C for
selected times to obtain various grain sizes, cooled to room temperature, and then annealed at
900"C for 2 hours to stabilize the microstructure.

Separate specimens were used for investigation of hydrogen dissolution in TiAl. Thin
sections with dimensions of 0.5 mm x 12 mm x 12 mm were sealed in quartz tubes backfilled
with 300 to 400 torr hydrogen (40-50 kPa) to achieve the desired pressure at the heat treatment
temperature, and times ranged from 0.5 to 65 hours to accomplish equilibration under the chosen
conditions. Results were used to determine the variation of maximum hydrogen concentration
with charging temperature. The weight gain, determined by an analytic balance with a sensitivity
of 10 jig, was used to calculate the hydrogen concentration in the specimens. The total weight of
the charging specimens was about 3 grams, so that the error in calculated hydrogen concentration
was less than 10 wppm.

After heat treatment at 1150"C for 2h, air cooling, and 900"C, 2h/AC, some compression
specimens were precharged with hydrogen at different temperature using a Sieverts apparatus
[15-18], in order to investigate the variation of the yield strength with the amount of hydride.
This y alloy absorbs considerable hydrogen from the gas phase at 1 atm pressure, at temperatures
above 700"C. Gas-phase charging with the Sieverts apparatus was found previously [19,20] to
be fully reversible, an important point not only for solvus measurements, but also for the
separation of intrinsic hydrogen effects from damage caused during charging [8]. Reversibility
was demonstrated, for example, through removal of hydrogen by repeating the aging heat
treatment in vacuum, which resulted in a return of the sample to its original weight. Samples
typically returned to the original weight within 25 jig after hydrogen removal.

Results

Microstructures
For Ti-50 at.%AI alloy, equiaxed grains of single-phase -, or a lamellar structure, or mixed

structures with various volume fractions of the lamellar structure, were obtained through heat
treatment at the temperatures already described. Equiaxed grains of single-phase -t with the sizes
of 19 gm, 22.4 gm, 39.1 gim, 63 4m and 123 gtm were obtained when the Ti-50 Al alloy was
heat treated between 1135"C and 1300"C, as shown in Fig. 1. After heat treatment at 1425*C, a
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Figure 1. Examples of equiaxed grains of single-phase gamma. (a) 1135C, 0.5 hr.; (b)
1150C, 2 hrs.; (c) 1250C, 2 hrs.; (d) 1300"C, 2 hrs. All at same magnification.

ab

Figure 2. Lamellar structures, all at same magnification. (a) Fully lamellar structure
developed at 1425T. (b) About 20% lamellar structure, heat treated at 1320C.

lamellar structure with an average width of the individual a2 lamellae of about 5-10 gm was
observed, as shown in Fig. 2(a). A mixed structure with various volume fiaction of the lamellar
structure were observed after heat treated at 1320"C to 1400C, as shown in Fig. 2(b). As
solution treatment temperatures were increased above 1300C, the alloy contained increasing
amounts of lamellar (X2, to as much as one-third, resulting either from entering the x + y phase
field (a orders to a2 on cooling), Fig. 3, or possibly due to aluminum loss during heat treatment
[21]. X-ray diffraction analysis of the bulk samples revealed that the equiaxed grains were
single-phase gamma but the lamellar structure consisted of two-phase y+ a2. Examples of X-
ray results, for comparison to hydride diffraction results, are shown in Fig. 4.
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The Hall-Petch equation, in whici yield strength a is given as o= o+kyd -1/2, where d is
grain size and ao and ky are constants, describes behavior of many materials (22-24].
Vasudevan et al. [7] found that the yield strength in TiAI apparently obeyed the Hall-Petch
relationship, and they obtained a relatively large number for the constant ky. However, each of
their five data were from a separate material which had different composition and microstructure.
For example, the Ti-48 at.% Al alloy had y+ q2 structure but Ti-52 at.% Al and Ti-54 at% Al
were single-phase y and Ti-50 Al-0.4 Er contained a second phase, Er2O3, which increased the
yield strength (y is the TiAl phase, q2 is based on Ti3 Al). But since the size of equiaxed grains
of single-phase y in 11A can be readily changed through heat treatment at different temperature,
the effect of grain size of single-phase y on the yield strength can be investigated without
changing composition and microstructure. Such measurements were one goal of this work.

The variation of the average yield strength (tensile and compression tests) and the fracture
strain with grain size is shown in Fig. 5. For the equiaxed grains of single-phase y, the yield
strength measured by either tension or compression obeyed the Hall-Petch relationship, i.e.

ay = 173 MPa + 0.130 MPamr-/ 2 d-117 (tension)
ty = 235 MPa + 0.124 MPanrlt2 d1 2 (compression)

These ky values may be compared to the k of Vasudevan, et al. [7], namely 1.4 MPam-/. The
present values are more than ten times snalier than the published value [7], as is clearly shown in
plotting our results on the same plot as that of Vasudevan, etal. [7], Fig. 6. Since the published
results [7] include, as mentioned, different compositions and microstructures, it would appear
that the present values, all for equiaxed grains of the same composition, are to be preferred. It
should also be mentioned that some of the previous results cited by Vasudevan, et al. [7] do not
report the oxygen or other interstitial content of their material, raising the possibility that impurity
effects may have greatly affected the prior determination of ky [7]. Incidentally, the data point
for single-phase Ti-50 Al measured by Vasudevan, et al., themselves, at the lower left of Fig. 6,
is in reasonable agreement with our data.

The yield strength of the lamellar structure, however, was much higher than that of the
equiaxed grains, e.g., 236 MPa (tensile) or 278 MPa (compression), respectively, as shown in
Fig. 5. Extrapolation of the equiaxed-grain compressive data to the yield strength of the lamellar
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structure gives an implied value for "effective grain size" of 8 prn, comparable to the 5-10 pm
observed widths of the lamellae in this structure. This apparent agreement suggests that the a2
lamella width may be an effective slip distance in the lamellar microstructures.

Fracture Behavio
The fracture strain in tension was only wealy dependent on grain size, as shown in Fig. 5,

for the equiaxed grain microstructures. For the equiaxed grains, the nominal fracture stress of
the notched bend specimens, crnom, only increased from 302 MPa to 317 MPa while the grain
size decreased from 63 prn to 23 pm, as shown in Fig. 7. If there was some lamellar structure
mixed with the equiaxed grain, however, anom increased substantially, even if the mixed
structure had the same prior y grain size as the equiaxed grain. The anom value increased with
increasing volume fraction of the lamellar structure, as shown in Fig. 7 and Table I.

Table I. Nominal fracture stress vs. the volume fraction of the lamellar structure:

volume fraction of the y grain size, gLm cnom, MPa*
lamellar structure

0 63 302
20 55 375
75 70 412

100 740 420

*Computed with standard methods [25-27]



Figure 8. Fracture surfaces of notched bend specimens for the equiaxed grains.

All fractured specimens were examined by scanning electron microscopy (SEM). For the
equiaxed grains, the fracture surfaces were very brittle-looking and consisted of predominantly
cleavage-like and blocky fracture areas, with occasional intergranular fracture, as shown in Fig.
8. The cleavage-like regions did not generally appear to correspond to entire grains. Instead, it
appeared that part of a grain fractured transgranularly by the cleavage-like process, while the
remainder, typically nearer grain edges, exhibited the blocky appearance. Intergranular-
appearing areas were less than 10% of the surface, and were entirely absent from some areas
which were many tens of micrometers in extent.

Since it has not been determined that this fracture is crystallographic in y nor that it occurs on
a low-index plane of the , it would be inappropriate to designate it as "cleavage," although the
fractographic appearance is often consistent with micro-fracture in a cleavage mode. In many
areas, however, the cleavage-like fracture is not planar but appears curved or conchoidal in
character. More work will be necessary to clarify the micromechanism of this fracture process.

For the mixed structures with various volume fractions of the lamellar structure, there were
many areas of stepped appearance which suggested a lamellar fracture, as shown in Fig. 9. In
these microstructures, the occasional intergranular fracture seen in equiaxed grains was not
observed, and the cleavage-like appearance was much less prevalent, consistent with the reduced
volume fraction of y grains. The stepped or lamellar fracture appears to be brittle across the
lamellae but to include some tearing or secondary fracture between lamellae.

4

Figure 9. Fracture surfaces for notched bend specimens for the mixed structure with 80%
lamellar structure.



Hydrogen Effects
To carry out hydrogen studies, it was necessary to estimate the hydrogen solvus for the Ti-50

Al material, since no solvus appear to have been determined to date for any y or near-y alloy.
Our result for hydrogen uptake is shown in Figure 10. It may also be noted that extrapolation of
the curve in Figure 10 to room temperature, using a spline fit, gives an estimate of the room
temperature solubility of less than 1 ppb. This is, of course, a crude estimate, but does suggest
that virtually all charged hydrogen precipitates as hydride upon cooling. Although substantial
mounts of hydrogen c e charged into this alloy above 800C, the levels of aparent solubility

at each temperature are distinctly lower than for T1-24-11 [10,19,28]. This presumably reflects a
lower solubility in the y phase, compared to what has been observed in a2. Below 13009C, our
Ti-50 Al material was all f, but above that temperature, as mentioned above, the microstructure
comprised a lamellar mixture of y and a2. Thus Fig. 10 depicts the solubility of mixed
microstructures above 1300C

Examination of the charged and cooled y phase material revealed very extensive hydride
formation, as in q2 materials [11,12,20,29], as shown in Fig. 11. X-ray diffraction was used to
determine that the hydride typically has the same structure as does the y hydride in the Ti-H
system, sometimes called Till2 . We have not determined the stoichiometry of the hydride in Ti-
50 Al. As in the case of Ti-24-11 and other alloys, this hydride in Ti-50 Al has the f.c.t. y
structure, for hydrogen contents below about 1000 wppm. At higher hydrogen contents, it
appears from our X-ray observations that one or two additional hydride crystal structures are also
present, as suggested in Fig. 4(c). Work on mechanical behavior of hydride-containing Ti-50 Al
has necessitated care with cooling rates from hydrogen charging temperatures, for hydrogen
levels above 2000 wppm. At such hydrogen levels, cracking can result on cooling unless slow
cooling rates are maintained. At very high hydrogen levels, 6000 wppm and above, powdering
of the alloy was encountered even at moderate cooling rates. Such a result is convenient for X-
ray analysis but effectively precludes mechanical testing.

Preliminary mechanical tests have been conducted on all-y material, with hydrogen contents

up to 5000 wppm. To minimize complications from premature fracture, these tests were
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Figure 10. The maximum hydrogen concentration vs charging temperature for Ti-50 Al.
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Figure 11. Hydride appearance. (a) No etching, polarized light. (b) Etching with HNO3 (5
parts)+-F (2 parts)+Lactic acid (20 parts).

conducted in compression. Results are shown in Figure 12. As in Ti-24-11, the hydride phase
strengthens the material, but the magnitude of the effect in Figure 12 is quite modest compared to
Ti-24-11 [20,28,30]. In Ti-50 Al, the higher charging temperatures used for higher hydrogen
contents also coarsened the grain size. Thus the modest strengthening shown in Figure 12 is
understated if a correction for grain size strengthening is considered. It is interesting that the
strengthening "saturates" above about 1500 wppm hydrogen, or about 6 at.% H. If the
strengthening is due to reduction of slip length by increasing subdivision of the y grains by
hydride plates, as in Fig. I I(b), the effect would be expected to saturate as the volume
increasingly fills with hydride, leaving little matrix to subdivide further.

Concluding Remarks
The preceding presention of results has included comment on major features of the

experimental results. It remains to discuss the larger issues raised by these data. Most of the
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Figure 12. Yield strength as a function of hydrogen concentration (present as hydride) at room

temperature, in Ti-50 Al. All charging conducted below 1200"C, so material was all y.



results obtained here are generally similar to literature results. It is important to note that our data
on single-phase, equiaxed grain structures of Ti-50 Al have a Hall-Petch slope which is more
than an order of magnitude smaller than that estimated by Vasudevan, et al. [7]. Most of the
reasons for discrepancies in Hall-Petch data, such as impurity content or starting dislocation
density, tend to increase yield strength, suggesting that our lower values are more reliable. The
possible role of crystallographic texture cannot be assessed since none of the published reports
have included texture characterization; diffractometer intensities as well as Laue results for our
material suggest that a strong texture is not present, though we cannot estimate the strength of
whatever texture may be present.

The deformation and fracture behavior of either the single-phase 'y, or of the mixed y + a2
microstructures, probably cannot be interpreted in parallel with that of a2 alloys based on Ti3A
[2,6,12,28,31-35]. The absence of the relatively ductile 0 phase significantly alters the fracture
process in particular. The fracture process in Ti-50 Al, although cleavage-like in appearance,
may not be classical cleavage in character. It has been shown that brittle fracture in Ti-24- 11, at
least, is not a classical stress-controlled fracture, but has a critical strain component to cracking
[20,30]. Additional work on microstructural variation and micromechanisms of fracture would
be most welcome. The hydride results shown here raise some significant questions. The
stoichiometry and in some instances the crystal structure of the hydride(s) in these alloys needs
investigation, as do the modes of formation and, dissolution of the phase(s). More extensive
mechanical property measurements would also be welcome for detailed interpretation of the
behavior of the TiAl alloys.
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ABSTRACT

The dissolution of hydrogen in a titanium aluminide alloy based on Ti3AI, Ti-24 Al-1I Nb, has
been measured as a function of temperature and hydrogen pressure. Both the terminal solubility
and the overall solubility, or total uptake of hydrogen, were determined. The terminal solubility of
hydrogen in the q2 matrix phase increases with temperature, while the overall solubility decreases
with increasing temperature in the high-temperature region. The partial molar heat of solution in the
a2 phase was determined to be - (5250 ± 350) cal/mol [H], while the partial molar heat of
formation of the hydride phase was -(16,800 ± 560) cal/mol [H]. The standard partial molar free
energy of hydrogen in the q2 phase in equilibrium with the hydride was - (17,700 ± 480) + (21 +

0.5) T cal/mol [H).

INTRODUCTION

Alloys based on the compound Ti3AI have received sufficient attention to show that they may
be legitimate candidate materials of construction for aerospace systems [ 1-3]. Of particular interest
are both the engines and the airframe of a hydrogen-burning propulsion system [3,4]. Since such
alloys contain Ti, with its well-known propensity to interact with hydrogen, it is important to have
a clear picture of the effects of hydrogen on the properties and microstructure of these aluminide
alloys. Yet since the original interest in this material has been for high performance aircraft engines
which typically operate under oxidizing conditions, there has been little effort expended in studying
the effects of hydrogen.
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On the basis of pioneering studies [5-7], it is now well established [8-10] that the low
temperature phase of pure titanium, a-Ti, has a relatively low solubility for hydrogen and
precipitates a hydride when the solubility limit is reached. This hydride, the y phase in the Ti-H
system, was originally designated Til 2 but in more recent literature [11,12] has been designated as
Till, a better description of its typical stoichiometry, although the limiting composition of the y
phase stoichiometry is indeed TiH2. In the case of the Ti3AI compound, which is designated c2 in
the titanium-aluminum system, hydrides are also reported to form [13], and the same is true for

alloys based on Ti3A1 [14-19]. However, the quantitative description of hydride formation

conditions is still largely an open question, and no data on the solubility of hydrogen in this

compound are available, other than a preliminary report [14].

For some metals, like Ti and Zr, the maximum amount of hydrogen absorbed increases with
pressure and decreases with temperature within a high temperature region [8,20]. Due to this

temperature behavior, they were classed as exothermic occluders. However, some workers have

shown that the terminal solubility of a-Zr in equilibrium with the hydride phase increased as the

temperature rose [21,22].

Among the first alloys based on Ti3Al was Ti-24 Al- 11 Nb (at %), developed by Blackburn

and co-workers [23,24]. Our preliminary experiments [14,18] showed that hydride could form in

this alloy, designated "Ti-24-11" below, after either cathodic charging in H2SO4 solution with
recombination poisons, or after thermal charging in hydrogen gas, and the maximum amount of

hydrogen absorbed decreased with increasing temperature within a high temperature region (e.g. T

t 550"C). Therefore, it was the purpose of this paper to investigate the formation of hydride in

this alloy, and measure the overall solubility of hydrogen in the alloy as well as the terminal

solubility of hydrogen in the a2 phase in equilibrium with the hydride phase. We define "overall

solubility" as total equilibrium hydrogen uptake, combining hydrogen in solution with that

contained in hydrides, at a given temperature, while "terminal solubility" refers to the maximum

amount of hydrogen in solution at that temperature.

EXPERIMENTS

Analytical Basis for Experiments

According to Sieverts' law [20,25-27], the overall solubility of hydrogen in either the a2 phase

or the hydride (y-phase in the Ti-H system) is proportional to the square root of the hydrogen gas

pressure in contact with the phase, NFPjH2, according to
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(la) CH = W 4jP-j, with

(Ib) W = e -AG/RT = e -AH/RT e AS/R,

since AG = AH - TAS. Here CH, AG, AH and AS are, respectively, the hydrogen content, partial

molar free energy, partial molar enthalpy of solution, and partial molar entropy of solution in the

phase under consideration, e.g. a2, and R is the gas constant. Note that all the relevant

thermodynamic quantities can be obtained from measurements varying any two of CH, P-2, and T,
while keeping the third constant, as discussed in more detail below, since [20,27) AG can be

obtained from RT In PI2 •

The dissolution of hydrogen in metals has been treated using statistical mechanics [22,28]. It
can be assumed that the number and position of NH hydrogen atoms arranged randomly on Ns

intersititial sites are related to the partial molar entropy AS as

(2a) AS=-R -NH andAG=RTn N H

Ns -NH NS-NH

and the overall solubility should be

(2b)N = NH P e -AG/RTNs - NH

Although it has not been established directly, it can be assumd [11-13] that the hydrogen atoms

occupy tetrahedral sites on the hexagonal symmetry (D0 19) Ti3Al parent lattice. There are four

sites of tetrahedral co-ordination per unit cell in the Ti3AI structure, therefore

(2c) NH -- CA so thatNs-NH- 2-CA

(3) CA = -PH2 e-AH/RT e AS/R,
2 -CA

where CA = NH / NTi3A1 is the atom ratio. Thus Eq. 3 is the statistical mechanics or
"crystallographic" concentration, while Eq. I represents the thermodynamic concentration. Since

Eq. 3 depends on assumptions about site occupancy, it is potentially less reliable than Eq. 1.
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To obtain the terminal solubility of hydrogen in the a2 structure in equilibrium with the

hydride, the condition of equilibrium is that the partial molar free energy of hydrogen is equal in

the a2 phase and the yphase. Then from Eq. 1, the H concentration ratio is

(4) CH(a2) = exp [ (AS( 2 ) - AS(-o ) /R] exp -[ (AH(o2) - AH(¢ ) /RT]
CH(¥)

where the phase is referenced for each parameter. Eq. 4 then describes the terminal solubility.

The terminal solubility could be measured in two ways, which are called the 4"vs. C method

and the P vs I/T method. Their basis is as follows, from Eq. 1. The square root of the

decomposition (or equilibrium) pressure, -'Pjj, at a fied temperature should change linearly with

increase of hydrogen concentration CH, in a single-phase region. However, due to Gibbs' phase

rule, in a two-phase region the decomposition pressure would not change with the hydrogen

concentration. Thus, the intercept of the straight-line CH-TPii2 relation and the constant-pressure
plateaus give the terminal solubility.

It may also be seen from Eq. 1 that a plot of the decomposition pressure on a logarithmic scale
against 1/T is a straight line, for a fixed hydrogen content. Note from Eq. 1 that AH can be

calculated from the slope of this line. But when a single-phase region goes over into a two-phase
region or vice versa, the slope of the straight line will change (e.g. refs. 13, 29). (Observation of a
straight line in the two-phase region, incidentally, indicates [20] that only the volume fractions of
the two phases, and not the composition of either the solid solution or the hydride, are changing
appreciably with temperature; or that the compositions of the two phases are changing in exactly
the same way with temperature.) The intersection of two such n PI- vs 1/17 straight line segments
gives the temperature at which the given hydrogen concentration represents the terminal solubility.

Expemental Procedure
All the present experiments were conducted on the titanium aluminide alloy Ti-24- 11, which

was obtained in bar form from Reactive Metals (RMI). The chemical compositions of the Ti-24- 11
were provided by RMI as follows (wt.%): Al = 13.09-13.34, Nb = 20.57-20.64, Fe = 0.14, 0
=0.09-0.1, N = 0.011-0.016. Blanks with dimensions of 20 mm x 20 mm x 40 mm were
machined, cleaned, and solution treated in an argon atmosphere at 1149"C (2100"F) for 2 hrs. and
air cooled, then aged at 705"C (1300"F) for 2 hrs. and air cooled. The microstructure after this

heat treatment was essentially all a2 phase. The bcc 0 phase could not be detected by X-ray, while

examination by transmission electron microscopy indicated 0. 1 to 1% of the 03 phase, present only

as isolated, discontinuous P3 regions.
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Specimens for hydrogen measurement with dimensions of 20 mm x 20 mm x 1 mn., were
sectioned from the bulk samples. The specimens were precharged at different temperature for
different times. The weight gain, determined by an analytic balance with a sensitivity of l0-5 g
was used to calculate the hydrogen concentration in the specimens, which were in the range of 230
wppm (1.1 at.%) to 3720 wppm (15.1 at.%). The total weight of the specimens for each time of
charging was about 10 g; therefore, the error calculating the hydrogen concentration was less than
10 wppm.

A Sieverts apparatus [20,25,26,29,30] was used to measure the decomposition pressure in this
work. During an experimental run, the specimen tube and the operative pressure devices were
isolated from the remainder of the system by means of vacuum valves. The whole apparatus was
capable of being evacuated initially to a pressure of about 10 gPa (1 x 10-7 ton'). The
decomposition pressures over the samples were read on two mercury manometers. One of them
was a McLeod gage with a range of 125 Pa (I torr), and the other had a range of 2 kPa (15 torr).
For each composition, the number of the samples was changed to keep the total amount of
hydrogen about constant, e.g. 3.3 mg to 4.6 mg of H2 for each constant temperature. Temperature
was controlled within ± 1 C.

The decomposition pressure was measured many times until a stable pressure was obtained.
To assure that the equilibrium pressures were actually determined, measurements were made on
both the decomposition (heating cycle) and absorption (cooling cycle) for some samples. Fully
reversible behavior was always observed in such runs. Reversibility was also checked by
repeating some measurements on the same sample. After measurement, a sample would be heated
in the evacuated Sieverts apparatus to remove all hydrogen (it was verified that sample weight
would return to the precharging value within 10 pg), re-charged with hydrogen, and additional
measurements made. Reproducibility of results in such repetitions was excellent.

RESULTS

Terminal solubility of hydrogen in a2, in equilibrium with hydride, was determined by the
methods described above. Fig. 1 shows a typical log decomposition pressure (IPjj-H2) vs 1/T graph
obtained for the hydrogen concentration of 2.3 at. % (490 wppm) hydrogen. Table 1 summarizes
the experimental data for eight hydrogen concentrations.

In Fig. 1 the slope change at the phase boundary is clearly evident. Fig. 1 indicates the a2 to be
the stable phase over the section BC of the graph, while a mixture of the a2 phase and the hydride
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phase are stable over the section AB. The point B gave the temperature at which the concentration

of 2.3 at. % represented the terminal solubility, which was 447'C. The slope of BC gave a partial
molar heat of solution as AHra = -5010 cal/mol [H] for the a2 phase, while the slope of AB gave a

value of AHR = -17,900 cal/mol [H] for the hydride phase. This calculation assumes the

composition of the hydrde phase was invariant with temperature, as is implied by the reasonably

straight AB lines in Figs. 1 and 2.

The partial molar heats of solution AHIn, M1Iyl and the partial molar entropies of solution

ASa2, AS, were calculated using the data listed in Table 1 and are tabulated in Table 2. From

these data, 95% confidence limits on the mean values of the thermodynamic parameters were

calculated, using t statistics. The data in Table 2 show that neither AHo nor II were depenK .nt

on the hydrogen concentration. The hydrogen content at the phase boundary of the ?-hydride in Ti

[8,31], which was CHy = 60 at.% or NH(O /NTi = 1.45, was used to calculate AS.

Fig. 2 shows a plot of all decomposition pressure data for the determination of the terminal

solubilities. The line AB on the figure represent the average data of all hydrogen concentrations in

the two-phase region. The intersection of the decomposition pressure curve for the a2 phase with

the line AB gave the temperature at which the given composition represented the terminal

solubility. These values are listed in Table 3.

Fig. 3 shows a plot of the square root of the decomposition pressure as a function of the

hydrogen concentrations. In the a2-phase region, a set of straight lines passing through the zero

point were obtained, and the constant-pressure plateaus corresponded to the region where the two

phases, hydrogen-saturated a2 phase and hydride, co-existed. The intersection of each straight

line with its constant-pressure plateau gave the terminal solubility, which is the concentration at

which the hydride precipitates. The results are included in Table 3. A plot of [P-H2 vs CA / 2-CA

(following Eq. 3) was similar to that of IPjj vs CH (at%), shown in Fig. 3, although some of the

straight lines did not exactly pass through the zero point, suggesting that Eq. 1 may be a more

suitable description for these data. The terminal solubilities determined from Eq. 3 are listed in

Table 3.

The variation of the terminal solubility (CH) with temperature, i.e. the hydride solvus, is

shown in Fig. 4, using the Eq. 1 results. It indicates that the terminal solubility of hydrogen in the

az2 in equilibrium with the hydride increases with increasing temperature. The equation of the

terminal solubility as function of temperature, at 1 atm pressure, is

(5a) CH (at. %) = 6.8 x 103 e -5750/T and
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(5b) CA =57 e-6 2 0 0/T,(5b) 2 -CA

where CA is the atomic ratio and T is in K. Insertion of room temperature into Eq. . predicts a

solubility of hydrogen of about 0.2 ppm (atomic); a spline fit to Fig. 4 and extrapolation to room

temperature gives a value of about 0.05 ppm. Though these are only estimates, they do indicate

that equilibrium room temperature solubility is probably very small, and virtually all charged

hydrogen is precipitated as hydride on cooling to ambient.

Overall Solui

The slopes of CH = W '0H (or CA / 2 - CA = W 4 PH2) straight lines of Fig. 3 under

constant temperature were calculated and are presented in Table 4. From these data, we obtain the

equation of o.trall solubility or total uptake of hydrogen in the a2 phase., i.e.

(6) CH (at. %) = 2.67 'pjj2 €2650/T and

where T is in K, and the unit of P is Pa.

Figure 5 shows a plot of the overall solubility of hydrogen in the a2 phase as a function of

temperature above 400C. This figure indicates that the overall solubility of hydrogen in the a2

phase decreases with increasing temperature when T 500"C. In this sense, the a2 phase is an

exothermic occluder [20]. This conclusion has been verified by the thermal charging under high

temperature. For the higher pressure, shown in Fig. 5, the hydrogen pressure was adjusted with

time to keep hydrogen pressure at 1 atm.

Identification of the Hydride

Although description of the hydride phase itself was not a primary goal of this study, a few

observations may be of interest in view of apparent disagreements in the literature [15,16,19 about

hydrides in the cc2 phase. The hydrides appeared as fine markings or lines on the polished surface

of the sample without etching after cathodic charging in H2SO 4 + 0.5 g/l NaAsO2 solution, as

shown in Fig. 6. In the situation of thermal charging in hydrogen gas, the hydrides precipated into

well-develop platelets, visible as "upsets" on the polished surface without etching, as shown in

Fig. 7. It is interesting to note that the distribution of the hydrides is uniform throughout the

surface of the sample, but locally the hydride platelets were arranged along certain preferential

orientations, as shown in Fig. 7.
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X-ray diffraction patterns were obtained on a diffractometer using Cu Ka radiation. The

diffraction data are listed in Table 5. For "TiH2" hydride in the Ti-H system, the three strong
diffraction lines were, respectively [8,31], (111) 20 = 35.9', 1/Io= 50, (200) 20 = 41, I/o = 100,

and (311) 29 = 70.8, /10 = 35, which was in good agreement with our observations in Table 5 for

the present a2 -H system. Other lines also matched the literature data. Therefore, the hydride we
have observed in the a2 phase of Ti-24-1 1 has the fluorite structure of y Till.

DISCUSSION

Themnd Qamic Vrres
It was shown in Fig. 2 that all data of the two-phase region formed a straight line, thus, the

partial molar heat and entropy of formation for the hydride phase could be calculated from Eq. 1
and 3. As the calculations were more consistent with Eq. 1, those results are emphasized here;
results from Eq. 3 have been collected in Table 2. The mean values showed AHY = -16,800
cal/mol [H] or -33,600 cal/mol H2, with ASy = -11.9 ca]/K/mol [H]. The partial molar enthalpy

for the hydride is in good agreement with the corresponding value in the Ti-H system [8,29],
which was from -29,900 cal/mol H2 to -34,000 cal/mol H2.

The mean partial molar heat and entropy of solution in the a2 phase were AH = 5250 ± 350
cal/mol [H] , and AS,, = -2.45 ± 0.43 cal/K/mol [H, with 95% confidence intervals. These data

are believed to represent adequately the q2 phase, although a minor amount of 0 phase was present.
The straight-line appearance of Figs. 1 to 3, and the general similarities to behavior both of ct
titanium [8,28] and of binary Ti3A1 [13], indicate that the behavior we observed was essentially

that of the cx2 phase. The very small and discontinuous content of 1 does not seem to have had a

major effect on the results. That conclusion is also consistent with the relatively small differences
in thermodynamic parameters for the a2 and p phases [8,13].

The standard partial molar free energies of solution for the a2 phase and the hydride phase,

therefore, are, from Eq. 1 with 95% confidence intervals:.

(7a) AG'a2 = AH'C.2 - TAS'a2 = -(5250 ± 350) + (2.45 ± 0.43)T cal/mol [H];

(7b) AG', = AH' - TAS', = -(16,800 ± 560) + (11.9 ± 0.8) T cal/mol [H].

Substituting the equation of the terminal solubility, Eq. 5, and the partial molar free energy of

solution for the a2 phase, i.e., Eq. 7, into Eq. 1, the standard partial molar free energy of

hydrogen in the a2 phase in equilibrium with the hydride phase can be obtained, i.e.
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(8a) AG'0 = -(17,700 ± 480) + (21 ± 0.5) T cal/mol [H],

and for hydrogen in the hydride phase, using Eq. 3 and the values of NH(7/)NTi = 1.45 and Ns I

NTi =2, we obtain

(8b) AGy= -16,800 + 20.2 T cal/mol [H].

As would be expected, the AG" value for hydrogen in the a2 phase in equilibrium with the hydride

phase, Eq. 8a, is in very good agreement with the value for the hydride phase, Eq. 8b. The result

in Eq. 8a is derived from Eq. 1 and has better statistical support, and thus is preferred.

Overall Solubility and Terminal Solubility

Comparing the values of Eq. 7 for a2 and y phases shows that the difference in partial molar

heats of formation of the a2 and y is 11,550 cal/mol [H], i.e. greater than zero, therefore, based on

Eq. 5, the terminal solubility of hydrogen in the a2 phase in equilibrium with hydride should
increase with increasing temperature. However, Eq. 7a indicates AHa2 = - 5250 cal/mol [H], or

less than zero, so according to Eq. 1 or Eq. 3, the overall solubility of hydrogen in the a2 phase

should decrease with increasing temperature. Therefore, it can be explained why the terminal

solubility can show an endothermic behavior while the overall solubility is exothermic in nature.

Since Eq. 7 contains the thermodynamic parameters for hydrogen in the a2 phase in

equilibrium with the hydride phase, we can get the terminal solubility equation for I atm pressure

from Eq. 1, for which the result is

(9) CH (at. %) = 60 e 9.5±0.5/R e -I 1500±300/RT

= (5.4 - 8.9) x 103 e -5750±150/T.

Comparing this equation to the experimental results in Eq. 5, it is obvious that the terminal

solubility equation calculated from Sieverts' Law is in very good agreement with the experimental

results. Almost equally good agreement with Eq. 5 is obtained with the statistical treatment, Eq. 3.

Substituting the parameters of Eq. 8a into Eq. 1, we obtain the equation of overall solubility of

hydrogen in the a2 phase, with P in Pa, i.e.

(10) CH (at. %) = (3.35 ± 0.81) TPjjH e2650- 150 /T
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The results are in agreement with Eq. 6. A similar calculation for Eq. 3 should be used in the

situation of large hydrogen concentration, since that equation is more appropriate for the condition

of high hydrogen pressure.

However, if we extend Eq. 10 (from either Eq. 1 or Eq. 3) to 1 atm pressure, the calculated

hydrogen concentration is higher than that measured under thermal charging in hydrogen gas of 1

atm. Since the reaction chamber used in the present work is large (57 mm diameter x 460 mm

length), the cooling rate of the samples after charging and removing from the furnace is not very
high. This may be one of the reasons why the observed hydrogen concentrations after thermal

charging at 1 atm pressure are lower than those inferred from thermodynamic parameters measured

at sub-atmospheric pressure.

We have determined that the hydride phase observed had the fluorite structure of y Til,

although we have not determined to what extent the present hydrides incorporate Nb or Al [13-

16,32-34]. For binary Ti3Al, i.e. no Nb, there is evidence [13] that at the temperatures of Fig. 4,

the hydride is the binary Ti-H compound. We also have not determined the value of the atom ratio

of Ti to H, though presumably [6-8,13,22,29] it is a function of hydrogen content; variations in

stoichiometry are accommodated in the y structure by hydrogen vacancies [35,36]. The degree of

tetragonality of y also varies with hydrogen content [8,13,35,37]. The literature on Ti and Ti alloy

hydrides consistently refers to the tetragonal structure as fct, to avoid confusion as the fcc

symmetry of the y becames tetragonal, but of course the fct structure is equivalent to bct and has

occasionally been reported as bct [19,31]. The possible roles of Al and Nb in these effects, by

analogy [9,38] with a-Ti, are not known. More work is clearly needed on the hydride phase.

CONCLUSIONS

1. For the a2 -H system, the terminal solubility of hydrogen in the a2 phase in equilibrium with

the hydride phase increases with increasing temperature, while the overall solubility decreases with

increasing temperature in the high temperature region.

2. The experimental equations of the terminal and overall solubility in the a2-H system are,

respectively,

CH (at. %) = 6.8 x 103 e -5750/T and

CH (at. %) = 2.67 P'JFjj e2 6 5 0/ T ,

10



where T is in K, and the unit of P is Pa.

3. The standard partial molar heats and free energies of solution for the a2, and the hydride phase
are respectively as follows, with 95% confidence limits:

AHt2 = -(5250 ± 350) cal/mol [H], AH, = -(16,800 ± 560) cal/mol [H]; and
AGEa2 = -(5250 ± 350) + (2.45 ± 0.43)T cal/mol [H];
AG', = -(16,800 ± 560) + (11.9 ± 0.8) T cal/mol [H.

The AG* values for hydrogen in the a2 phase in equilibrium with the hydride phase are

AGca2 = AG*Y = - (17,700 ± 480) + (21 ± 0.5)T cal/mol [H].

4. The hydride phase at room temperature represents nearly all the hydrogen content of the
material, and precipitates with the y fluorite structure of titanium hydride.
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TABLE 1: DecompositIon Pressure of a2 - H System

Composition Pressure at Temperature C, Pa

wppm at% 350 400 450 500 550 600 650 675 700 725

230 1.1 0.13 0.93 2.0 2.9 4.1 5.5 8.3 12
490 2.3 0.11 1.2 5.6 9.3 13 19 27 33
680 3.2 0.13 1.1 6.0 16 24 33 47 61
750 3.5 0.13 0.93 6.0 20 32 43 63 80
930 4.3 0.20 0.93 6.4 28 43 64 83 109

1290 5.8 0.13 1.2 5.3 24 100 136 180 253 293
2620 11.2 0.11 1.3 6.7 27 93 293 640 800 947 1040
3720 15.1 0.13 1.1 7.3 25 113 266 813 1290 1470 1670

TABLE 2: A. and AS of Hydrogen In the Q2 Phase
and Hyddde Phase

Hydrogen In (2. Phase In Hydrde Phase
Concentration

II .A AH, AS mo

at% 2-. CaVmol[H] Eq. 1 Eq. 3 CaVmol[HJ Eq. 1 Eq. 3

1.1 0.55 -5070 -2.54 -13.14 -16400 -11.1 -17.4
2.3 1.16 -013 -2.12 -12.70 -17900 -13.5 -19.8
3.2 1.65 -5050 -2.08 -12.62 -17200 -12.5 -18.7
3.5 1.83 -5190 -2.33 -12.84 -17100 -12.4 -18.6

* 4.3 2.25 -5110 -2.15 -12.66 -15600 -10.2 -16.4
5.8 3.20 -5770 -3.16 -13.56 -16700 -11.8 -18.0
11.2 6.67 -6030 -3.30 -13.55 -16900 -12.0 -18.2
15.1, 9.77 -4800 -1.90 -11.97 -16600 -11.6 -17.9

TABLE 3: Terminal Solubility of Hydrogen In a

Method InP vs I/T "r vs C

Temprature, o C 403 447 478 489 506 560 638 671 500 550 600 650
Terminal at.% 1.1 2.3 3.2 3.5 4.3 5.8 11.2 15.1 4.3 5.8 8.6 (12.6)'

1DA 0.55 1.1 1.65 1.83 2.25 3.2 6.67 9.77 2.25 2.9 4.74 (8.3)'

*Not exact value



TABLE 4: CffIF Under Different Temperature

T,°C 500 550 600 650

cNp 9.37 6.98 5.90 5.11

10-CA FS2. CA '  5.48 3.85 3.28 3.13

TABLES: X-ray Diffraction Data

Unchaged dog 20 35.5 36.5 38.6 40.6 41.3 78 80.3 116. 144.5
NO* 15 15 15 35 20 .100 20 20 30

charged dog 29 35.9 39 40.9 71.4 77.7
(CH"h13" at%) I20 100 48 20



FIGURE CAPTIONS

Fig. 1. An example of decomposition pressure in c2-H system vs l/T, 2.3 at % hydrogen,

measured both on heating and on cooling.

Fig. 2. Summary plot of log PH2 vs l/T. AB line is for a2 and hydride phases, and the other lines

represent atomic percent hydrogen concentration in the a2 phase. Different symbols represent

different hydrogen concentrations.

Fig. 3. Square root of the decomposition pressure in the a2-H system vs hydrogen concentration

(atomic percent) at different temperatures.

Fig. 4. Terminal solubility of hydrogen in the a2 phase in equilibrium with the hydride phase, i.e.

solvus for hydride in a2, for Ti-24-11.

Fig. 5. Overall solubility (total uptake) of hydrogen in the a2 phase vs 1/T, for two pressures

shown on the curves in units of atm (or 130 Pa and 0.1 MPa).

Fig. 6. Hydride marking on the polished surface of the sample after cathodic charging in 1N

H2SO 4 + 0.5 g/l NaAsO2 solution with an applied current density of 0.2 A/cm2.

Fig. 7. Hydride platelets precipitated during thermal charging in hydrogen gas; unetched surface

viewed with polarized light. (a) CH = 5.8 at %. (b) CH = 11.2 at %.
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Fig. 6. Hydride marking on the polished surface of the sample after cathodic charging in IN

H2SO4 + 0.5 g/1 NaAsO2 solution with an applied current density of 0.2 A/cm2.
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Fig. 7. Hydride platelets precipitated during thermal charging in hydrogen gas; unetched surface

viewed with polarized light. (a) CH = 5.8 at %. (b) CH = 11.2 at %.


