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ABSTRACT

The microstructural parameters contributing to the
strength and toughness of low carbon, microalloyed,
precipitation hardenable steels were identified in two ASTM
A710, grade A, 50 mm thick plates in the reaustenitized,
quenched and aged condition. Tensile, impact toughness and
fracture toughness properties were determined over a full
range of test temperatures to characterize the mechanical
behavior and. the fracture processes in the fracture mode
transition temperature region, especially as related to
cleavage failure and cracking parallel to the loading
direction (longitudinal cracking). Microstructural and
fractographic characterization, using optical microscopy,
along with SEM and TEM techniques identified planar arrays
of carbide precipitates (in the longitudinal direction) and
a non-homogeneous grain size distribution as the primary
contributing factors to lower toughness, while copper
precipitation played a large role in strengthening.
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INTRODUCTION

The microstructure-mechanical property relationships of

structural steels have been widely studied for many years in

an effort to improve the strength and fracture resistance of

these materials without appreciably increasing the

production and fabrication (welding) costs. Fueled by the

demand for strong, tough, low cost steels by the

construction, energy and transportation industries, this

research resulted in the development of many new steel

alloys tailored for various uses.

The microstructural features which can be varied to

modify steel properties range in size from the atomic scale,

as in solid solution hardening, to large particles and grain

size distribution. The mechanismd to increase yield

strength include solid solution hardening, dispersion and

preciptation hardening, strain hardening and grain

refinement. Chemistry, processing, and heat treating

parameters can be vaziod to control the complex interaction

of these mechanisms to produce a material optimized for a

specific use. The microstructural features critical to

strength and toughness include: grain size and shape of the

transformation product, precipitate size and volume

fraction, dislocation density, volume fraction and shape of

non-metallic inclusions, carbide content and distribution,

and texture [l].
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The general trend in structural steel development has

been to decrease carbon content in order to increase

fabricability [2]. Microalloy additions of carbide

stabilizers and precipitation hardening elements and tight

control of processing parameters are used instead to give a

fine grain size and a dispersion of fine precipitates which

increase strength levels. Control of thermomechanical

treatment parameters is critical in microalloyed steels

since these affect the solution and reprecipitation kinetics

of the carbides and nitrides which ultimately control the

transformation product grain size (1].

When carbon content is lowered to the lowest possible

values, other alloy additions take on a primary role in

the strengthening process. Niobium, titanium, and vanadium

are often added in small amounts for grain size control and

precipitation strengthening [1,3] while copper addition

results in a fine precipitate for strengthening [4]. Nickel

additions act in solid solution to strengthen the matrix

while also improving toughness [5].

A high strength, high toughness, microalloyed steel

which takes advantage of the strengthening mechanisms

described above is ASTM A710, Grade A steel. The

austenitized, quenched and precipitation heat treated

condition of this alloy is known as the Class 3 condition,

which has an approximate yield strength of 517 MPa and
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exhibits upper shelf fracture toughness behavior at room

temperature [6]. This steel is finding many applications

where the expected service temperatures are well below room

temperature, such as in the oil industry (offshore platform

construction and transcontinental pipelines) [7]. The

tendency for failure in a cleavage fracture mode increases

with decreasing service temperature resulting in a reduction

in fracture toughness. Models to date have described the

fracture process in high or medium carbon, high alloy

steels. These models may not be adequate for describing

the fracture process in very low carbon, microalloyed steels

and certainly cannot be used to predict the microstructural

parameters controlling the fracture process, and thus the

strength, since the precipitates and even the grain

structures are different. To fully understand ihe fracture

process in these new "clean" steals, it is necessary to

identify the microstructural features controlling their

strength and toughness. The objective of this research

project was to determine the microstructural parameters

controlling the strength and toughness properties in ASTM

A710, Grade A, Class 3, a microalloyed steel.

The approach used in this investigation combined

detailed metallographic characterization of the

microstructure and fracture surface features, with full

characterization of the fracture properties, of two 50 mm

ASTI A710, Grade A, Class 3, steel plates from different

3



producers. Experiments were designed to define the

microstructural parameters controlling the fracture

initiation and crack propagation process, and to provide a

basis for modelling the fracture process in the ductile-to-

brittle transition temperature region in this low carbon,

low alloy, ferritic, precipitation hardened steel.

4



MICROSTRUCTURAL STRENGTHENING MECHANISMS AND THEIR EFFECT
ON MATERIAL TOUGHNESS

Research in quantitative metallurgy has produced great

advances in the understanding of the effects of

microstructure on the properties of structural steels.

Using these quantitative relationships, chemistries and

thermomechanical processing can be varied to produce steels

with properties for a variety of uses, each maximized for

cost efficency as well as strength and toughness.

Microalloyed, precipitation strengthened steels have

recently been developed to take advantage of the lower cost

and increased weldability afforded by reductions in carbon

and other alloy additions. These steels gain their strength

through additions of strong carbide and nitride formers

which contribute to grain refinement as well as providing a

fine distribution of precipitates for strengthening [1,31.

Copper additions also produce a very fine precipitate for

strengthening [5), and rare earth additions strengthen

inclusions prevent them from elongating during the hot

rolling process [8]. Thermomechanical processing parameters

can be varied to maximize the effect of these alloy

additions on strength and toughness [1].
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The equations that have led to the development of high

strength,. high toughness steels relate microstructural

parameters to yield strength, Ty, ductile-to-brittle impact

transition temperature (DBTT) and strain to fracture, ef

E9]. These include:

("y =(i + k(d-1 / 2 ) + kl(dispersion) <1>

DBTT - C1 - k(d'i/2) + k2 (dispersion) + k 3 (pearlite) <2>

ef " C2 - fl(vol. fract.)f 2 (shape) <3>

where,Ti - the internal friction stress
Tcl kl, k2 , k3, Cl, and C2 - constants
t1 and f 2 = vol. fraction, and shape factors of

precipitates respectively [9).

From these equations it is clear that the grain size acts to

increase the yield strength and decrease'the DBTT, while

dispersion, precipitation and solid solution strengthening

increase the yield strength to the detriment of toughness

and ductility. The effects of grain size and dispersed

precipitates on the yield strength are not additive,

however. Research by Irvine, Pickering and Gladman [10] has

shown that as the effect of one parameter increases, the

effect of the other parameter decreases. This is because

the yield strength is determined by the mean free path of

dislocation travel which is, in turn, determined by the

grain size and/or precipitate spacing, and is controlled by

whichever is more limiting [11]. Thus, all of these factors

6
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must be combined to optimize both strength and toughness for

the particular use for which the steel is being designed.

GRAIN SIZE STRENGTHENING

Effects of Grain Size on the Yield Strength

The Hall-Patch equaticn his been uwed to describe the

relationship between polygonal grain size and the yield

strength [11,12] and is given by:

Ty w + kyd- 1 / 2  <45

where Ov - the yield stress,
- the friction stress,

d - the grain diameter, and
-y the grain size coefficient,

where ky is related to the stress concentration required to

activate slip dislocation sources.

More complex versions of the Hall-Putch equation have

been proposed for specific alloys by using regression

analysis [13) with a 95% confidence limit of ± 31 MPa.

Figure 1 shows the yield stress as predicted by Gladman

et al. [9] for a carbon-manganese steel. This figure also

shows the large increase in yield strength that can be

gained by reducing the ferrite grain size, as well as the

contributions made to the yield strength by additions of

various alloy elements.

7
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Figure I. The effects of grain size and alloy elementsaddition as predicted by Gladman et al. [1].

There are several models which describe mechanisms of
grain boundary strengthening as predicted by the Hall-Petch
equation. Cottrell's model [14] describes grain boundaries
as barriers to slip where yielding is seen to occur when the
stresses at the head of dislocation pile-ups at a grain



boundary in one grain are sufficient to nucleate

4islocations in the adjacent grain. This stress is given

by:

- (•a "i)(d/4r) 1/ 2 , <5>

wherec is the stress required to activate a Frank-Read

source in the adjacent grain,oZa is the resolved shear

stress applied on the slip plane, Zi is the friction stress,

d is the grain diameter, and r is the distance ahead of the

shear crack tip. Another model proposed by several

researchers [15-19] does not use pile-up theory to describe

the yield stress but instead describes the effect of grain

size on the yield strength as due to its limiting effect on

dislocation density, p, as seen in the experimentally

observed relationship that /is inversly proportional to d

[20]. Using this relationship, the equation for the yield

stress is given by:

sy; .aj + Gbd-1/ 2  <6>

where G - the shear modulus of the material,
b a the Burgers vector,
d - the grain size,

- the internal friction stress, and
Q(- a constant (usually 0.3 to 0.6).

A third mechanism describing strengthening due to grain

boundaries also does not use dislocation pile-up theory but

instead considers grain boundaries as a source of
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dislocations. Li's model [21,22) presumed that dislocation

ledges on grain boundarios act as sources for dislocations

and that the stress to unlock these dislocation ledge

sources was inversely proportional to the angle of misfit

between adjacent grains. Thus, when the misfit angle between

two grain was large, the stress required for dislocation

generation from the grain boundary ledges was small. The

dislocations generated by the grain boundary ledges form

dislocation forests near the grain boundaries with a

dislocation density that was proportional to the number of

grain boundary dislocation sources and was given by:

f r 8m/•d,< <7>

where m - the grain boundary ledge density,
d - grain size.

Li proposed that the yield stress was the stress required

to move dislocations through the dislocation forest and was

given by:

V "Y- + Gb(Sm/r l1/ 2 d-1/ 2  <8>

where7 - the internal friction stress,
- a constant which depends on the dislocation

arrangement and is approximately 0.4,
G - the shear modulus,
d - the grain size, and
b - the Burgers vector.

This equation showed that the effect of grain size on yield

10



strength was due to grain boundary dislocation ledge

density. The pffect of temperature on the slope of the

Hall-Patch equation was determined to be due to the

variation in grain boundary ledge structure with

temperature.

The dislocation structures formed during the rolling

process also play a role in increasing the yield strength.

Bramfitt and Marder [23] proposed that since dislocation cell

structures act as barriers to slip in a manner similar to

grain boundaries, their effect on the yield strength would

be similar. They determined the volume fraction of grains

versus cells in their material and wrote an equation for the

yield stress in which the contribution of each was

proportional to its size and volume fraction:

Ty = Ci + K[d- 1 / 2 (fr) + dc=/ 2 (1-fr) Kc/K3 <9>

where d - the grain size
dc - dislocation cell size
fr - the fraction of recrystallized ferrite,

K and Kc w the experimentally determined values for plots of
fully recrystallized structures, K, and the
fully cellular structures, Kc.

Deviation of experimental data from values predicted using

the above equation occurs in partially recrystallized

structures, with the above relationship predicting a higher

yield behavior due to the local substructure distribution in

the ferrite. Figure 2 [24] shows the contribution made to

11



the yield strength by the various mechanisms described above

for a low temperature rolled plate. Some controversy exists

as to whether ferrite grain size distribution affects the

yield behavior of low temperature rolled steels but, to date

there is no experimental evidence that it does.

gut- /';,To 4 _0

CMlMl 9 I*040l d - I on

FINISHING TIMPIMATURE, *C

Figure 2. Factors contributing to the strength of
controlled-rolled low alloy steel. From Little et al. [24].
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Grain Refinement Mechanisms

The conditioning of austenite during the rolling

process is a major factor in determining the strength and

toughness properties of rolled steels. Through the use of

controlled rolling, the structure, morphology, and grain

size of the austenite can be conditioned such that the

eventual transformation of the austenite produces the

desired ferritin. structure to optimize the strength and

toughness. Metallurgical changes take place during each

stage of the thermomechanical treatment process which

affects the responses in subsequent stages as the solutes

and particles are repeatedly dissolved and reprecipitated.

This sequential processing can give rise to cummulative

effects which are very complex in tho microalloyed steels.

To understand the mechanisms influencing the properties

of hot-.rolled steels, the effects of deformation,

temperature, and time on recrystallization, precipitation,

and transformation have been studied in relation to chemical

composition. Composition [251 controls the precipitate

solu•ility and thus, the recrystallization of the austenite.

The reheat temperature controls the initial austenite grain

size and the solution and precipitation of the microalloy

carbides/nitrides (26]. The rolling treatment controls the

amount of deformation and recrystallization of the austenite

grains, and also the amount of strain induced precipitation

13
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(26).

Grain refinement is desirable because it increases

both strength and toughness as shown in equations 1 through

3. Austenite grain refinement can be produced during

controlled rolling by two different methods. Type I

transformation takes place at higher rolling temperatures

where the austenite rapidly recrystallizes and repeated

reductions during the rolling process produce austenite

grain refinement through successive recrystallization

events. The smaller austenite grain size produces small

ferrite grains on transformation. Type II transformation

takes place at lower temperatures at which austenite

recrystallization is inhibited and successive rolling

reductions produce a flattened austenitic grain structure,

causing refinement by increasing the grain boundary area per

unit volume and also by introducing heterogeneities into the

austenite in the form of substructures which act as

nucleation sites for ferrite during transformation. This

increases the number of nucleation events and thus, decreases

the size of the ferrite grains nucleated during the

transformation process.

Rolling schedules have been designed to utilize

deformation over a wide range of temperatures to ensure

maximum grain refinement. These usually involve sequential

deformation of austenite, above and below the austenite

14



recrystallization temperature, in the dual phase region of

austenite and ferrite and in the ferrite region down to

temperatures of about 600oC [24]. This technique of

sequential rolling through a range of temperatures produces

ferrite with a wide variety of features due to the

variation in strarin history of each grain. These

features may include [9]:

(a) disparity in ferrite grain size and shape;
(b) dislocation substructures comprised of either

cells, or random arrays, or both;
(c) a crystallographic texture, and;
(d) a wide range of carbide/particle sizes resulting

from strain induced precipitation and
spheroidization.

Alloying additions play a role in decreasing the

austenite grain size by pinning austenite grain boundaries.

When a grain boundary intersects a particle, grain boundary

area is eliminated because the particle now makes up part

of the grain boundary and thus the grain boundary energy is

reduced. Any movement of the grain boundary away from this

particle (i.e. during grain growth) results in an increase

in the local grain boundary energy. The critical particle

radius for effective pinning of the grain boundary is given

by [27]:

rcrit - (6Rof) /1fr (3/2 - 2/Z)- 1  <10>

where rorit - the maximum size of the particle that will
effectively counteract the driving force
for grain growth,
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f u the volume fraction of particles in the
microstructure

Re the matrix grain radius
Z * the ratio of the radii of the growing

.grain to the matrix grains.

Thus, at some critical particle size, the driving force for

grain growth equals the pinning force. Further growth of

the particles results in less effective grain boundary

pinning. Therefore, a fine particle size is more effective

at inhibiting grain growth.

Alloy additions are chosen to produce a fine, well

distributed precipitate at the thermomechanical treatment

temperature. Since particle coarsening is proportional to

the alloy element content in equilibrium with its

carbide/nitride [28], it is important to know the solubility

limits of these elements. Common grain refining alloy

additions are aluminum and vanadium, which form nitrides of

limited solubility, niobium, which forms a carbonitride, and

titanium which forms both a carbide and a nitride

[9,21,25,26). Studies by Trvine et al. [10] have shown the

solubility limits for these alloys in iron to be:

log10 [Al] [N] - -6770/T(0 IK) + 1.03 <11>
log10 [V] [N] - -8330/T(OK) + 3.46<12
logl 0 [Nb] [C] - -6770/T( 0 K) + 2.26 <1a>
logl 0 [Ti] [C] - -7000/T(OK) + 2.75 <20

where [X] is the dissolved solute and [C] and [N] are the

dissolved carbon and nitrogen contents expressed in weight

percent. The niobium can form niobium carbides with a high

16



carbon content or the carbon can be replaced by the sum of

the carbon and nitrogen contents C10].

Silicon and phosphorous have been found to counteract

the grain refining effects of fine distributions of carbides

and nitrides [10]. These elements act as ferrite

stabilizers, raising the temperature at which ferrite in

formed which thus limits the amount of austenite

conditioning that can occur during rolling and allows more

ferrite grain growth, resulting in larger ferrite grains.

Alloy additions affect the recrystallization behavior

of the austenite by increasing the temperature at which

complete recrystallization occurs (29), thereby increasing

austenitic grain refinement at a given temperature. Solute

content also tends to raise the grain coarsening temperature

due to a solute drag effect on the growth of austenite grain

boundaries [30-32]. Niobium, when added in small amounts

(<0.1%), is extremely effective in strengthening steels

without a substantial reduction in toughness due to its

ability to readily form precipitates with carbon and

nitrogen. In small amounts it acts as an austenite

stabilizer. Niobium is thought to cause either a solid

solution effect (33] or a strain induced precipitation which

stabilizes the substructure in the deformed austenite [34].

Research has shown [35-40] that the response of a
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steel to a given thermomechanical treatment is closely

related to the kinetics of dismolution and reprecipitation

of niobium carbonitrides, vanadium nitrides, aluminum

nitrides, and titanium carbides and nitrides in austenite

since these particles act to retard the recovery and

recrystallization of austenite during, and subsequent to,

deformation. One of the primary requirements of a

successfully conditioned austenite is the presence of a

large number of crystal defects that can act as sites for

ferrite nucleation during cooling. Niobium (or vanadium,

aluminum, or titanium) can be added to restrict the motion

of these subgrain and grain boundaries aftor hot deformation

in order to maintain the large effective austenite

interfacial area per unit volume created during the rolling

process by elongating the austenite grains. Increasing the

grain boundary area increases the number of sites available

for ferrite nucleation and leads to refinement of the

ferrite grains because the small thickness of the "pancaked"

austenite grains puts an effective upper limit on the size

of the resulting ferrite grains, enhancing both strength and

toughness properties.

Studies by Wilsoii and Gray [41,42] have shown that low

transformation temperatures promote finer ferrite grains,

larger increments of precipitation hardening and higher

yield strengths. Accumulation of strains below the

austenite recrystallization temperature increases the
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austenite-to-ferrite start temperature while also increasing

the number of sites available for ferrite nucleation. Thus,

it is clear that the exact transformation conditions will

depend on a balance between the competing factors of

solution, reprecipitation, recovery, recryutallization and

grain refinement.

Effects of Grain Refinement on Toughness

Grain size reduction increases the yield strength while

decreasing the DBTT as shown in equation <1>. Regression

analysis done by Gladman [9] on a carbon-manganese steel,

has shown the relationship between grain size and DBTT to be

-11Oc per unit increment in da1 / 2 (mm- 1 / 2 ) while each unit

increment in grain size increases the yield strength by 15

MPa. The method used for grain refinement is important

because not all methods have the overall effect of

increasing strength while decreasing the DBTT. To increase

yield strength while decreasing, or at least maintaining the

DBTT, the most effective method for grain size reduction is

the use of thermomechanical processing. When a low reheat

temperature is combined with a low rolling temperature and a

fast cooling rate, a small grain size with a fine

distribution of precipitates results, which gives good

strength and toughness properties [10].

High angle boundaries increase strength and toughness
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because they act as barriers to crack propagation, while low

angle boundaries contribute to strength because they act as

barriers to slip, but are detrimental to toughness because

they do not inhibit crack propagation (9].

PRECIPITATION AND DISPERSION STRENGTHENING

Dispersion strengthening arises from a fine

distribution of insoluble, incoherent, second phases, such

as oxides, carbides, and nitrides, in a metallic matrix.

Dislocation motion through the matrix occurs by the

dislocations bending to a radius which allows them to move

between the particles. The stress to bend the dislocation

is determined by the interparticle spacing (43].

Precipitation strengthening is produced by a fine

distribution of a second phase in which the solute atoms

exhibit decreasing solubility in the metal matrix with

decreasing temperature. Precipitation strengthening results

when a metal, with the second phase atoms in solution, is

quenched, and then given an aging treatment to precipitate

the second phase. In high strength, low alloy carbon steels

copper precipitates have been used to produce strengthening

instead of carbon [44]. It has been suggested (45,46] that

in the underaged condition, when these copper precipitates

first nucleate in the ferrite matrix, these precipitates are
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coherent with the bcc ferrite matrix. Upon further aging

these copper-rich prqcipitates grow and transform to an

incoherent fcc structure [45,46]. The critical particle

size for coherency is believed to be approximately 2.5 nm.

In the overaged, incoherent stage strengthening by these

copper precipitates may be caused by a combination of

coherency strains and Orowan strengthening [45-47) as will

be described later.

The Hall-Petch equation applies only for materials that

obtain their strengthening through the direct effects of

lattice friction, solute atoms and grain boundaries [48].

For precipitation hardening alloys Hall-Petch predictions of

the yield strength fall below measured properties. To

determine how best to predict the effects of precipitates on

the yield strength of a steel, it is necessary to consider

mechanisms of precipitation strengthening. There are

several different models dealing with precipitation

strengthening which vary in the assumed particle

distribution and in the mechanism by which dislocations

overcome obstacles/precipitates.

Strengthening Through Particle/Dislocation Interactions

Precipitates act to increase the yield stress by

creating an obstacle for dislocation motion. This occurs in

one of two ways. If the precipitate is coherent the
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dislocation can out through it, but requires a stress much

,greater than that required for the dislocation to move

through the matrix C43]. If the precipitate is incoherent

and relatively strong, it acts as an impenetrable obstacle

which the dislocation can move past only by changing shape.

For particles which can be sheared by dislocation passage,

strengthening arises from the matrix strain resulting from

any mismatch between the particle and matrix, including

elastic moduli mismatch, the increase in surface area of the

particle caused by passage of the dislocation, and the work

done to move the dislocation through the particle [43].

In the 1940's Mott and Nabarro developed a solid

solution strengthening theory which considered the internal

stress created by misfitting solute atoms which had to be

overcome before a dislocation could move through the lattice

[49]. They divided obstacles to dislocation motion into two

catagories; diffuse, and localized. Diffuse obstacles were

those which could interact with dislocations from a distance

because of the strain they created in the matrix surrounding

them due to coherence or atomic misfit. Localized obstacles

were those which could only affect dislocation motion when

they were in direct contact with the dislocation.

Mott [50) solved the problem of a single dislocation

interacting with attractive obstacles at a zero applied

stress and assumed that all obstacles on a glide plane had
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equal strengths. He determined that, when a dislocation

interacted with an obstacle, the diplocation would assume a

zig-zag configuration with the amplitude determined by the

effective obstacle spacing, L. This solution is based on

minimizing the energy of the dislocation.

The Mott/Nabarro theory was also found to hold for soft

precipitates of a second phase since these act as

diffuse obstacles. They determined that the yield stress

was dependant on the magnitude of the internal stress and

the mean wavelength over which it fluctuated. The

wavelength, which was found to be equal to the separation of

solute atoms, L, was determined in relation to the radius of

curvature, R, to which the internal stress, 'i, was able

to bend a dislocation. This curvature was given by:

T dGbR - ri - IC 15>

where the tension, T, equaled o(Gb 2 with o(, a constant

approximately equal to 1, b, the Burgers vector, and G,

the shear modulus. For increasing coarseness of the

dispersion of solute atoms or precipitates, three regimes

were distinguishable: (a) L << R, (b) L = R, (c) L >> R.

For L much less than R, which is typical of solid

solutions, Mott and Nabarro determined that a dislocation

could not bend around each individual stress center due to

the high density of solute atoms, but followed a line which
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minimized the sum of the inherent elastic energy and the

potential energy of the dislocation due to interaction with

the stress field. Forward motion of the dislocation occured

when a section of the dislocation, several times larger than

the the inter-solute atom spacing, jumped into the next

equilibrium position. The increase in yield stress due to

the effect of solute atoms on dislocation motion was

calculated as:

y - 2.5G 4 / 3 c <16>

where c is the atomic concentration of solute atoms and

is the atomic misfit of the solute atoms with those of

the matrix given by the dimensionless parameter:

- (rb - ra)/ra <17>

where rb is the atomic radius of the solute atom and ra is

the radius of matrix atom.

For L approximately equal to R, which represents a

precipitation-hardened alloy at maximum hardness, Mott and

Nabarro [46] found that a dislocation was able to bend

around individual stress centers and a section length X - L

moved forward independently. The increase to the yield

stress due to dispersion strengthening was determined to be:

A y - 2G£c. <18>

Finally when L is much larger than R, which represents

a dispersion strengthened material, a dislocation moves
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forward by passing between obstacles leaving a closed

dislocation loop behind. This mechanism was suggested by

Orowan in 1947 [51] to describe strengthening of alloys by

non-deformable particles. The increase in yield stress due

to particle "pinning" of a dislocation was determined to be

given by:

S- L. <19>

The stress to move dislocations between particles

increases as each dislocation leaves a loop around the

particles it has passed which exert a back stress on other

dislocations in the slip plane. This mechanism of

dislocation motion causes rapid strain hardening of the

matrix. The Ashby-Orowan model [52) is the most widely

accepted model of dislocation cutting because it

incorporates the random particle spacing distributions of

Kocks [53] which is probably the most realistic

distribution. Taking this random distribution into account,

the stress required to bow a dislocation out between

neighboring particles becomes:

- (0.16Gb/L) Cln(7/2b)] <20>

where:

the resolved shear stress required to move a
dislocation past the precipitate,

- the mean planar intercept diameter of the precipitate,
L " interparticle spacing
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G - the shear modulus (which is 80300 MPa for ferrite)(9]

b - the Burgers vector (which is 2.5X10" 1 0 m for ferrite) [9).

For ferrite this reduces to:

Z(MPa) (2.2Xl0- 6 /L) ln(I/5.OXl 1I 0 ) <21>

where L and x are iseasured in microns. Assuming that the

tensile stress is two times the resolved shear stress, as

given by the Tresca equation [54), the strengthening due to

dislocation bowing between p&rticles becomes:

(MPa) - (6.4XI0O6/L) ln(x/5.0X10"1 0 ) <22>

Figure 3 [9] shows the relationship between precipitate

strengthening and volume fraction of precipitates as

described by the Ashby-Orowan model. This mechanism of

strengthening also results in the formation of a dislocation

cell structure created by the tangles of dislocations around

the particles. This dislocation structure contributes to

the Hall-Petch strengthening as described earlier.

As shown in Figure 3, the strengthening increment is

inversely proportional to precipitate size, indicating that

.a fine dispersion of precipitates is most desirable for

high strength. The dispersion strengthening due to carbides

and nitrides depends on the heating cycle which governs the

amount of niobium/titanium/aluminum taken into solution and

the cooling cycle which controls the precipitation of the
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carbides and nitrides.
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Figure 3. The dependence of strengthening on precipitate
size and volume fraction as predicted by the Ashby-Orowan
model. From Gladman et al. (9].

Effects of Alloy Additions on Precipitation Strengthening of
Steels

Alloying element additions act in a variety of ways tc

strengthen steel [1-5,8]. Manganese and nickel are

desirable for solid solution strengthening because they
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increase strength while at the same time decrease the DBTT

[55]. Niobium contributes to grain refinement by

stabilizing austenite in the thermomechanical processing

temperature range and contributes to precipitation

strengthening [25,26,29,56]. Molybdenum increases

hardenability, thereby lowering the austenite-to-ferrite

transformation temperature and as a result further refines

the grain size [55] while small additions of manganese act

to decrease the DBTT by eliminating grain boundary carbide

films [57].

Copper alloy additions act to strengthen iron in one of

three ways; (a) the copper particles do not shear during

plastic deformation and the strengthening effect is given by

the average spacing of the particles, b) the particles cause

coherency stresses in the matrix and inhibit the motion of

dislocations, or c) the zones or particles are sheared and

the strengthening is given by the energy necessary for a

dislocation to shear a particle or zone (58].

Free nitrogen is detrimental to impact properties but

Pickering et al. (10] have found that aluminum additions up

to 0.2% reduce impact transition temperature by tying up the

free nitrogen. When larger amounts of aluminum are present

there is a solid solution hardening effect which is

detrimental to impact properties [10).
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Manganese-sulfides inclusions can take on extreme

aspect ratios (1000/1 being common) due to their plasticity

at all steel deformation temperatures [59]. Sulfides

usually precipitate in conjunction with oxide compounds

[59,60]. A120 3 and calcium aluminates are also detrimental

due to their brittle nature. Dendritic oxides tend to break

during hot rolling at strains of about 0.4 and disseminate

as stringers, while spherodized oxides require strains

exceeding 1.5 for fracture [593. The use of calcium as a

desulphurizer and as a sulfide shape-control agent means

that calcium aluminates can form before and during the

solidification process. These are harmful because their

coefficient of thermal expansion is much lower than that of

steel (9,10,59). Silicate inclusions are intermediate in

behavior between the easily deformed sulfides and the

refractory oxide compounds. They are readily deformed at

temperatures above 9000 C but below 7000 C they are very

brittle. Rare earth additions are made to eliminate alumina

and Mn-sulfides [59]. Figure 4 shows the effects of various

alloy additions on the strength of controlled-rolled, low

alloy steel.
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Figure 4. The effects of alloy elements on the strength of
controlled-rolled low alloy steels [57].

Effects of Precipitates and Inclusions on Toughness

Free nitrogen and carbon are detrimental to toughness as

arc: alloy additions which are in solid solution with the

;,D alloy additions must be carefully made to tie up

t;•s'. c•lements as stable nitrides and carbides [10].
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Aluminum can be added to form stable nitrides but the

precipitation kinetics of aluminum nitrides are such that

they do not form a fine precipitate on cooling from

austenite. Fine niobium carbides increase the DBTT by

approximately 0.3 to 0.5 OC for each I MPa increase in yield

strength brought about by precipitation strengthening

E29,60]. This ratio of change in DBTT to change in Ty is

subject to the unpredictibility of impact properties,

especially in the transition region, so changes in DBTT with

alloy addition may be real or they may be a consequence of

statistical error. Titanium forms nitrides which are very

stable even at high temperatures. Consequently, large

cuboid titanium nitride particles are common. Silicon and

phosphorous are also detrimental to toughness since they

tend to form large, brittle inclusions [59]. Those elements

which are responsible for large increases in the yield

strength also tenid to have the largest detrimental effect on

brittle fracture behavior [9,10,59]. Bainite has also been

shown to be detrimental to the DBTT, even when only small

amounts of it exist within the polygonal ferrite matrix (9].

Inclusions have an effect similar to precipitates on

strength and toughness properties. The important parameters

used to describe inclusions in relation to strength and

toughness are their aspect ratio and the volume fraction.

Inclusions have a greater effect on the upper shelf impact
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energy than they do on the transition temperature although

debonding of the inclusion from the matrix relaxes the

stress triaxiality and increases the likelihood of ductile

fracture.

Inclusion shape plays a role in toughness, with

spherical inclusions promoting a higher toughness behavior

than elongated inolusions. Inclusion shape can be modified

by additions of titanium, zirconium and rare earth elements

which act to reduce the plasticity of the inclusion at the

rolling temperature, making them less easily deformed.

Figure 5 shows the effects of alloy additions on the

ductile-to-brittle transition temperature of low alloy

stools.
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Figure 5. The effects of alloy element additions on the
ductile-to-brittle transition temperature in controlled-
rolled, low alloy steel (57).

Alloy additions are constantly being decreased in

structural steels in efforts to decrease the cost of

production of these steels and fabrication of structures

using these steels [56]. More emphasis is being placed on

thermomechanical processing parameters to most effectively

utilize the alloying elements that are added to increase the

limits of the strength and toughness properties of these

steels. New processing techniques and better control of
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processing parameters have allowed the reduction of grain

size to several microns in diameter and less. At these

small grain sizes, the effects of grain boundary area may

become a. important, or possibly more important, than

precipitation strengthening as they start to control the

mean free path of dislocation travel in the ferrite. When

the grain size plays a large role in strength and toughness,

it becomes important to have a complete understanding of the

effects of grain size distribution on these properties. To

date, thermomechanical processing has been developed to a

point where grain size homogeneity can be maintained in

plates with thicknesses to 25.4 mm. However, plates of

greater thickness have shown large heterogeneities in grain

size distribution with large volume fractions of relatively

large grains (613. These large grains are not accounted for

in the equations described above for grain

size/strength/toughness relationships.
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THE BRITTLE FRACTURE OF STEELS

Because the primary goals of metallurgy are to provide

strong, tough, engineering materials, it must be concerned

with the problem of brittle failure. Cleavage fracture is

characterized as a low energy, fast, unstable fracture mode

which can be described in terms of a critical stress

criterion for failure 623]. That isi cleavage failure will

occur if some crit.ical stress$ To, is exceeded. In most

cases cleavage failure occurs when the applied stress is

much lower than the theoretical fracture stress of the

material due to internal, often microscopic, flaws. A

plane strain fracture tougness parameter, K, is used to

describe the magnitude of the crack-tip stress field at the

initiation of crack extension for a particular opening mode

assuming a homogeneous, linear elastic material. K10

is the critical value of K which characterizes the ability

of a material to resist fracture in the presence of a sharp

crack under an applied load and can be used to estimate the

relationship between defect size and failure stress for

materials in service [63].

The physical significance of T and KIC and the

importance of their use in material and structural design

applications can only be understood through a thorough study

of cleavage fracture mechanisms. Even though studies of
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fracture mechanisms in steels have been conducted on for

decades, the recent advent of new, clean steel technology

and the complexity of new steel alloys requires that more

work be done in this area to provide a complete

understanding of cleavage fracture mechanisms which would

then provide the basis for improvements in the fracture

toughness and strength of structural steels. Previous

models of the cleavage fracture process describe fracture in

high carbon, high alloy, relatively large grained materials.

Steel technology has advanced considerably in the last

decade with advances in processing which allow production of

very low alloy steels and a reduction of carbon to 0.02%

while still maintaining strength through thermomechanical

and composition control of grain size. At theme low alloy

contents and small grain sizes, microstruotural features

other than those described for higher alloy steels may play

primary roles in determining strength and toughness. Thus,

there is a great need to understand how procesming advances

have affected the fracture process, especially the cleavage

fracture procesm, of steels.

Cleavage fracture occurs in two stages: nucleation of a

sharp cleavage crack, usually at some microstruotural

inhomogeniety such as a particle or grain boundary, and the

subsequent growth of that crack. T is determined by the

most difficult of these stages. Early work centered on the
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discrepency between the theoretical fracture strength of a

material and its actual fracture strength, which often

varied by a factor of ten or more. Griffith [62] determined

that flaws must exist in materials resulting in local

regions of high stress concentrations which depended on the

shape of the flaw and its orientation to the applied stress.

Failure of the material would then occur under conditions

which caused the crack to extend. He based his arguments on

the principle that crack propagsation would occur when crack

growth resulted in a lowering of the free energy of the

system. In analyzing the energy balance of the system,

Griffith considered two types of energy; the surface energy

of the newly created crack surfaces and the strain energy

of the system caused by the applied load. The surface

energy increases with crack growth while the strain energy

is decreased by relaxation of the stress in the material on

either side of the crack. Griffith hypothesized that a

crack will grow when relaxation of the strain energy is

greater than the energy required to create two new surfaces.

Thus, for a given normal tensile stress, Griffith found that

the condition for crack propagation was achievement of a

critical crack size as given by [62):

ac - 2Es?• <23>

for the plans strain condition, where:

E - Youngs modulus
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ts - crack surface energy

= Poissons ratio
c - crack length
(r- the normal tensile stress.

Griffith's conclusion that flaws exist in materials

prior to failure spurred research into how these flaws or

cracks came into exibtance. Zener [64] described crack

.formation as a separation of atoms which occurs at slip

band/particle or grain boundary intersections due to the

stress concentrations in these areas. He used dislocation

theory to describe crack initiation as a process which

occurs by dislocation coalescence due to strain

localization at particles or grain boundaries which act to

impede dislocation motion. Thus, he hypothesized that

cleavage fracture could not occur independently of

deformation since plastic flow was required to increase the

strains at particles or grain boundaries needed for crack

inititation. Once these cracks were initiated, Zener

proposed that further relaxation of the shear stresses in

the slip band, as given by the Griffith equation, would act

as a driving force for crack propagation, and propagation

would continue until all of the shear stress in the slip

band had been relaxed. If the crack had a very high stress

concentration (from attaining the critical size described

in the Griffith equation) with respect to the applied

stress then it could become self-propagating and the crack

would extend not only throughout the region of high stress
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concentration of the slip band but would also propagate

under its own stress concentration.

Through review of several experiments that were done to

determine the flow and fracture stress of various materials,

[65-67] Zener determinei that plastic flow was essential

to fracture and that enough plastic flow would always occur,

even under highly embrittling conditions, to initiate a

microcrack. He also determined that the maximum normal

component of the stress necessary to produce the first slip

was a function of temperature and stress state with the

stress concentration factor proportional to the length of

the slip path, i.e. the grain size for a simple polycrystal.

Stroh [68] also thought it unlikely that pre-existing

cracks played an important part in the fracture of metals

and thus thought it necessary to consider how cracks might

be produced in a material. Using Motts (69] suggestion that

the stress concentration at the tip of a dislocation pile-up

was sufficient to create a crack, he considered the

conditions under which a crack would form. Considering only

stresses which were normal to the crack and considering that

the formation of a crack must be accompanied by a decrease

in the energy of the system, Stroh used the dislocation

array studied by Eshelby, Frank and Nabarro [70], with a

unit length given by;

L - Gb/41fr (1 -VI) (To, <24>
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to determine the conditions under which a crack of length

r would form where G is the shear modulus, b is the Burgers

vector, V is Poissons ratio, and 0o is the yield stress.

He found the crack initiation condition to be satisfied

when;

no-. > 12obG <25>

where n is the number of dislocations, and ( is a constant.

Taking Oka 0.06,
T 108 Pa, and

G - 1011 Pa,

this equation describes crack formation for dislocation

pile-ups which contain approximately 1000 dislocations. For

a Burgers vector of b - 2XI0"1 0 m, this equation gives a

critical crack length of 10-4 m which Stroh thought large

enough to propagate by the Griffith mechanism, producing

immediate 'fracture of the material. However, the

dislocation pile-up model assumed by Stroh was an over

simplification of the dislocation structures actually

observed in materials and, thus, the stresses calculated using

this model are probably much higher than actual grain

boundary stresses. In his calculations of the stresses due

to the crack, Stroh assumed that once the crack was formed,

the n dislocations of the pile-up would enter the crack such

that the extra material at one end would wedge the crack

open giving a roughly triangular shape. The result of this
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work was the suggestion that the . ndition for notch

brittleness was that all of the dislocation sources were

locked such that they could not respond fast enough to

inhibit crack formation and growth through plastic flow.

With crack growth thus unimpeded, the crack could spread

through the material causing brittle failure. Stroh found

that dislocation pile-ups at grain boundaries did not always

result in failure of the material. In some cases the

stresses at the head of the pile-up generated slip in an

adjacent grain instead, and what remained unclear was the

conditions determining the mechanism of stress relief at the

grain boundary.

Cottrell [71] suggested another mechanism of crack

nucleation by dislocation coalescence in which dilocations

were attracted to each other instead of being forced

together by the stresses of the dislocation array behind

them as suggested by Stroh [68]. Cottrell presented a

scenario in which a crack is formed at the junction of two

intersecting slip planes by the coalescence of partial

dislocations. He described this process as:

a [ill] + a (111) > a[O01 <26>
2 T

The coalescence of the two partial dislocations lowered their

elastic energy and this lower energy was seen as the

driving force for their coalescence. The a[001]
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dislocation produced in this manner was a pure edge

dislocation which lay in the cleavage plane, thus producing

a microcrack. Using a procedure worked out by Stroh [72),

Cottrell calculated the breaking stress of a perfect

crystal in the presence of an isolated wedge of length nb,

to be:

Tj - 2e <27>

with e, the specific surface energy, n - the number of

coalesced a[001] dislocations, and b, the Burgers vector.

At this early stage the applied stress did not act directly

on the microcrack but influenced it by the force exerted on

the dislocations moving into the crack. As the crack grew

the influence of the applied stress at the crack tip

became the predominant factor in crack growth.

Hahn and Rosenfield [73] analyzed the work done by

Cottrell and found that the number of dislocations

calculated by Cottrell to be involved in the pile-up were 20

times greater than values predicted in other models. They

examined the possibility that this discrepency was due to an

incorrect determination of the number of coalesced

dislocations. Cottrell had assumed that all of the

dislocations in an array coalesced but Hahn and Rosenfield

suggested, instead, that the number of dislocations in the

wedge could be estimated by regarding all of the
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dislocations at the head of the array, whose average spacing

in the x-direction was equal to the a[100] Burgers vector,

as coalesced. This led to;

nb w 4.95 N /'56 <28>

as the number of coalesced dislocations, where - the

effective shear stress, G - the shear modulus, and N w the

length of the dislocation array. Hahn and Rosenfield

concluded that the smaller number of coalesced a<100>

dislocations derived from the dislocation spacing at the

head of a pile-up led to values of 'f which were orders of

magnitude larger than predicted by Ccttrell.

Grain boundaries act as barriers to slip and thus, as

found by Zener, are often sites of high strain localization

and crack initiation. Using half the grain diameter as the.

maximum length of a dislocation array, Patch [12] studied

the effects of grain size on the cleavage fracture strength

of steels. He used Koehlers [74] calculation of the tensile

stress intensification due to dislocation arrays to

establish the cleavage stength/grain size relationship by

determining the relationship between n, the number of

dislocations in an array of like dislocations and d, the

grain size. To do this he assumed that below the yield

stress, dislocations did not cross grain boundaries and,

thus, the maximum value of n, the number of dislucations
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generated under a stress, Or , could be calculated. Using

equations determined by Eshelby, Frank and Nabarro [70] for

the length of an array of like dislocations, Patch found

that the internal stress could be represented by an average

shear stress independent of, and in opposition to '7

given by,

"- _(t- Ti) 2 d <29>
4A

- the applied stress
- the internal friction stress
- a constant

A -Gb/2* (1-V)
d grain diameter.

In terms of the tensile stresses, T and Oi, corresponding

to T and 'Ti, and taking ' a- Cf, the cieavage stress,

a rearrangement of the above equation produces;

- + + kd-l/ 2  <30>

the cleavage strength/grain size relationship assuming no

plastic deformation, where k is the grain size coefficient.

Patch concluded that the cleavage strength of polycrystals

was controlled by the theoretical cleavage strength in the

vicinity of the grain boundaries, and that T and the grain

size determined the magnitude of the stress concentration

at the grain boundary. This model of cleavage fracture

assumed that there were no precipitates acting as stress

concentrators within the grains.
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Low [75] also studied the microstructural dependence of

cleavage fracture in BCC polycrystalline materials,

concluding that the Griffith equation, which requires that

only surface energy be provided for spontaneous crack

propagation, did not hold well for polycrystalline

materials. Low looked at secondary cracking in thin sheets

of low carbon# rimmed steel, tested at -1950 C, that had

been polished and etched to reveal the underlying

microstructure. He discovered that many of the secondary

cracks had been arrested at unfavorably oriented grain

boundaries with considerable plastic deformation apparent

at the crack tip. Because of this plastic deformation

which was required to propagate a crack into an unfavormbly

oriented grain, Low found that his results agreed with the

equation proposed by Orowan [76] for the critical stress

for crack propagation in which a plastic work term was

substituted for the surface energy tenm;

Tc ;/2:<31>
l € 1- ac

Thus, Low concluded that stress must exceed some critical

value which depended on E, c, and the energy absorbed in

forming two new crack surfaces, 4p. He also conciuded that

the smaller the unit of microstructure which limits the size

of the first microcrack, the greater the materials
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resistance to brittle fracture. Thus, he postulated that

small grain sized materials, or those with a finely

dispersed precipitate structure, should be tougher than

materials containing large grains and coarse particles, and

would exhibit a lower DBTT. This agreed closely with the

conclusions of Petch [12].

Stroh [77] examined the temperature dependence of the

ductile-to-brittle transition behavior of materials. He

proposed that a material would behave in a ductile or

brittle manner depending on whether the stresses around a

pile-up operated a nearby dislocation source in an adjacent

grain or initiated a crack. He postulated that stresses

around a dislocation pile-up would cause a Frank-Read source

to operate by liberating it from its locking impurities,

unless the stresses required to free the dislocation sources

were greater than the cleavage fracture stress. If this was

the case, Stroh postulated that cleavage cracks would

initiate and propagate to relieve the stresses and brittle

fracture would occur. He explained the temperature

dependence of this behavior by associating thermal

fluctuations with the freeing of the dislocation source from

its locking atmosphere. High temperatures produced the

energy required to free dislocation sources and thus favor

ductile behavior while lower temperatures depress thermal

fluctuations and decrease the energy available to unlock the
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dislocation sources, thus favoring brittle behavior.

Zener [64] advanced the idea that particles, which act

to block dislocation movement on slip bands, were similar to

grain boundaries in that both act as stress raisers which

are capable of initiating cracks. McMahon and Cohen [78]

studied cleavage crack initiation sites in low carbon steels

to determine the role played by carbides and grain

boundaries in the crack initiation process. They identified

the origin of cleavage cracking on the fracture surface as

well as looked at non-propagating secondary cracks adjacent

to the main crack in polished and etched profiles of the

fracture surface. Their results showed that even in the

very low (0.007%) carbon steels the cementite particles in

the ferrite matrix were responsible for initiating cleavage

cracking. The mechanism they suggested to describe this

process was that plastiz deformation occurred in the ductile

ferrite matrix before it could occur in the brittle

cementite particle creating strain localization at the

cementite/ferrite interface. This strain localization set

up large enough stresses at the interface to cause crack

initiation in the cementite which could then propagate as a

Griffith crack across the cementite particle. When the

crack reached the carbide/ferrite boundary it was either

arrested, if the ferrite could deform to relax the stress,

or it continued as a Griffith crack across the ferrite

grain. Cleavage of the ferrite occurred either at the
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instant the carbide crack reached the carbide/ferrite

interface or not at all, which was supported by experimental

evidence (78].

In further studies, McMahon and Cohen [79] concluded

that the cracking of carbides was the primary source of

cleavage microcracks when the specimen underwent general

plastic deformation and that the critical event in the

cleavage fracture process was the propagation of the carbide

particle sized microcrack into the ferrite matrix. The

probability of ferrite cleavage resulting from the carbide

crack increased with increasing carbide thickness and

decreasing temperature. They found that barriers to

microcleavage propagation included, in order of decreasing

erfectiveness; grain boundaries, preexisting meclianical

twins, and initiation of slip bands and/or twins at the tip

of the advancing crack. They also found that the

statistical distribution of crystallographic orientations of

the grains contributed to the propagation process, with

propagation being enhanced in regionj having an alignment of

favorable cleavage paths.

Describing the critical event in the cleavage fracture

process as the propagation of the carbide crack into the

surrounding ferrite matrix instead of crack nucleation

suggested that the effective fracture surface energy was

increased above the free surface value as the crack grew
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across the grain. Cottrell [71] and Patch (12] calculated

the stress required for a crack to propagate across a grain

and compared that stress with the yield stress to derive a

criteria for the ductile-to-brittle transition. The value

of the fracture surface energy determined from this method

was higher than the free surface energy for ferrite but no

mechanism was proposed for this increase.

Smith [80] proposed that the increase in the effective

work to fracture was due to the appreciable plastic

deformation that accompanied crack propagation in the

ferrite matrix, except at very low temperatures. Smith also

felt that cleavage crack propagation from the carbide into

the surrounding ferrite matrix was the critical step in the

cleavage process and thus proposed that carbide thickness

was the controlling microstructural parameter of cleavage

fracture. He studied cleavage fracture in two steels in

which the only difference was carbide particle thickness.

He proposed a model in which the inhomogeneous plastic.

deformation in the ferrite nucleated a cleavage crack in the

brittle carbide particle which spread across the particle

with an effective surface energy equal to the free surface

energy of the particle due to its inability to deform. The

ferrite matrix was then presented with a sharp crack of

length equal to the carbide thickness, and would propagate

the cleavage crack if the crack tip stresses were high
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enough to overcome the work to fracture the ferrite, or

would blunt the crack if the ferrite could deform to allow

the crack tip stresses to relax. Smith expressed the

dependence of the fracture stress on the carbide thickness

ast

C0 - carbide particle thickness
- grain size
- cleavage fracture stress

T2ff - effective shear stress
a friction stress
- effective surface energy
w Young's modulus
- Poisson's ratio.

Smith included a term for the grain size because of its role

in the crack nucleation process through dislocation pile-

ups. The number of dislocations increased with grain size

for a constant effective shear stress and thus, the stress

intensification at a particle which impedes dislocation

motion increased with grain size, thus increasing the

likelihood of crack nucleation at that particle. The model

that Smith proposed also described the Li fluence of

temperature and strain rate on the cleavage fracture process

by taking into account the effect of these parameters on the

effective shear stress.

Smiths equation suggested a critical fracture stress

criterion for cleavage (80]. That is, the stress at the
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crack tip must exceed the critical fracture stress of the

material before cleavage fracture would occur. This

critical fracture stress corresponded to a critical density

of slip dislocations which would serve to fracture carbides

in stoels, either by stream induced at the end of a pile-up,

or by plastically straining the matrix and producing

sufficient strain localization at the carbide/matrix

interface to crack the particle by a fiber-loading

mechanism. This crack nucleus would then propagate across

the carbide due to the inability of the of the brittle

carbide microstructure to arrest crack growth through

deformation. The Smith model described the critical event

in the cleavage fracture process as the presentation of a

crack of size equal to the carbide thickness to the ferrite

matrix [80]. Smith did not propose that cleavage fracture

could not occur unless carbides were present in the matrix

but instead pointed out that brittle carbides provided an

avenue by which a crack could grow to a sufficient length to

ensure self-propagation under the applied tensile stress,

assisted by the local stress fields of the dislocations.

Ritchie, Knott and Rice [81], using tha crack tip

stress determination of Hutchinson (82), Rice and Rosengren

[83) (called the HRR crack tip stress distribution) for a

power law hardening material, noted that if a critical

stress criterion for fracture were used, as described by the

51



Smith model, fracture could be produced very cluse to the

crack tip by vanishingly small applied loads. Experimental

results disagreed with this theory so Ritchie, Knott and

Rice postulated that not only did the crack tip stresses

have to exceed the critical fracture stress of the zaterial

but that this critical stress must be achieved over some

microstructurally significant distance. Experimentation

suggested that a characteristic distance of two grain

diameters agreed quite closely with the experimental

variation of KIC. It was thus zoncluded that the critical

event controlling the cleavage fracture in mild steels was

the attainment of a critical stress over a distance of two

grain diameters in front of the crack tip.

Curry and Knott [84] examined the microstructural

significance of the characteristic distance by observiiw the

variation of the fracture toughness and critiual tensilo

stress with grain size in a mild steel at a constant low

temperature. Their results indicated that when the grain

diameter was over 40 microns, the characteristic distance

increased with grain size but that at smaller grain sizes

the characteristic distance remained constant. They used

the Smith equation <32> to explain the significance of their

findings. Eliminating the grain size dependence of the

Smith equation by assuming that the diffusional processes

controlling grain growth were the same as those controlling

carbide size, they evaluated the carbide thickness
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responsible for crack initiation. They used statistical

sampling to describe the initiation process as a competition

between thinner carbides in a smaller region of higher

stress and the less numerous, thicker carbides in a larger

region of lower stress. They concluded that if the ratio of

carbide thickness to grain size remained constant then am

the grain size is reduced, more grains have to be sampled to

provide a particle of sufficient thickness and correct

orientation to nucleate a crack. Thus, they suggested that

as the grain size is decreased to very small diameters at a

constant characteristic distance, the critical fracture

event may change from propagation of a crack from the

carbide into the ferrite matrix to propagation of the crack

from one ferrite grain to another.

In further work, Curry and Knott [85] found that

fracture occurs when the largest favorably oriented cracked

particle is subjected to sufficient local tensile stress to

satisfy the crack propagation energy balance. They found a

dependence of the fracture stress on the 9 5 th percentile of

carbide radii. Using the thickness of the top 5% of the

carbides measured in their steels in the Smith equation,

they calculated a value for the effective surface energy,

(Qr) of 9 to 14 J/m 2 which is 5 times the free surface

energy for ferrite. Knott [86] proposed that this

difference between the effective surface energy required for
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crack growth and the actual measured free surface energy in

boo iron was due to the dislocation motion required for

achievement of the critical crack mouth opening needed to

fracture successive atomic bonds ahead of the crack tip.

Using this mechanism, Knott estimated the increase in

effective surface energy during fracture to be five times

the free surface energy, a value which agreed closely with

measured values. The success of the statistical model

proposed by Curry and Knott [85] suggests that the

characteristic distance has to be considered as an

expectance value which depends on the carbide population.

Ritchie at al., [81] demonstrated that, although there

was no simple relationship between the microstructure of a

steel and the characteristic distance, it was possible to

describe the microstructural sampling process using a single

parameter, 0.1 (x) They proposed a microscopic cleavage

fracture criterion which they expressed as:

Tl( > Tf <33>

where X is the distance ahead of the crack tip but within

the plastic zone. Combining this expression with the crack

tip stress distribution of Hutchinson [82), Rice and

Rosengren [83], gives a general express.ALon for the cleavage

fracture toughness, KIc:
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KC- ,2p(N+l)/2 X01/2  ~ Nl 2<34>

where a is the amplitude of the stress singularity, N - I/n,

the inverse of the work hardening exponent, and Xo is the

characteristic distance. This analysis only holds for Xo

smaller than the plastic zone.

The above models all present the microstructural

dependence of the cleavage fracture stress without

describing dependence on the temperature and strain rate.

Smith [80] ascribed a small amount of the temperature and

strain rate dependence of Tf in his equation, <32>, to the

sensitivity of dislocation motion to these variables. This

sensitivity shows up in the friction stress term,Zi, with

Ti increasing with decreasing temperature and increasing

strain rate causing a reduction in Tf. This variation of

Ti with temperature and strain rate did not totally

describe the temperature dependence exhibited by O"f at

temperatures below -100O C, so Smith concluded that the

increase in Tf was due to an increase in the effective

surface energy of the ferrite matrix.

Armstrong [87] proposed that the yield stress of a mild

steel varied with temperature as:

Ty T + T2 exp(-(Bl - B2 log i )T) .<35>
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ai is the athermal term (a constant) which combines solid

solution hardening effects with structural hardening

effects, i is the strain rate, T is temperature, and B1 and

B2 are constants. Using this equation for the yield stress,

Armstrong wrote an equation for the fracture toughness as:

KIC- / 3 -(N+1)/2 Xoi/ 2  %f(N+l)/2 <36>
(TI" + (72 exp (-BT) ) (N-1)/ 2

Writing this equation to include the effect of grain size

(using Ti - T3 + kyd'1/ 2 ) gives:

KIC - A-(N+1)/2 Xoi/ 2 (kyd-I/ 2 )(N+I)/2 <37>
9"3 +'kyd-1 / 2 + O"2 exp(-BT) ) (N-l)/ 2

This equation predicts that the fracture toughness will

increase with increasing temperature and decreasing strain

rate and grain size.

Ritchie at al. [81) explained the temperature

variation of KIC in mild steel by assuming that the critical

distance varied with temperature. Taking an experimental

value for the fracture stress, which was found not to vary

with temperature over the range investigated, predictions of

KIC were made using various fixed values of the critical

distance. They reasoned that, since the cleavage fracture

process was propagation controlled, it depended on the level
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of local tensile stresses. Using a precracked specimen,

they determined that the absolute magnitude of the local

tensile stresses at the crack tip did not increase with

increasing plastic zone size but, instead, the stress

distribution extended over a larger distance. At low

temperatures, a crack nucleus can propagate when the plastic

zone size is small because the yield stress is high and

little crack tip stress elevation by constraint is necessary

to satisfy the local propagation condition. At higher

temperatures, the yiell stress is smaller and deformation

occurs more readily, so more constraint is required at the

crack tip to achieve the critical fracture stress.

Curry [88] found that the temperature dependence of the

cleavage fracture toughness could be accurately predicted by

assuming a fixed value of the characteristic distance as two

grain diameters. Since the yield stress increases with

decreasing test temperature, a greater stress intensity

factor has to be applied to obtain the critical combination

of stress and distance ahead of the crack tip to satisfy

crack propagation conditions. He thus concluded that the

temperature dependence of the cleavage fracture toughness

was due to the variation of the yield stress with

temperature observed in ferritic steels.

Wallin et al. [89] found that the temperature dependence

of KIC predicted using the constant value of 14 J/m2 for the
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work term, that was proposed by Curry and Knott E85], was

unsatisfactory. They suggested that, since dislocation

mobility depended on temperature, the plastic work term must

also depund on test temperature. They found that a correct

fit was found if a Peierls-Nabarro force/temperature

dependence was used for 4p, which relates 4p and KIC to

the temperature dependence of the yield stress. Their model

described the carbide induced cleavage fracture process in

steels as a statistical competition between cracked carbides

of various sizes at various orientations ahead of the crack

tip, with cleavage fracture occurring when the critical

combination of tensile stress and carbide size was achieved.

The critical carbide size depended on the maximum tensile

stress obtainable at the crack tip and thus by the yield

strength of the ferrite matrix, with higher yield stress and

strain hardening capacity creating stronger stress

intensification at the crack tip and a lower critical

carbide size.

Lin et al. [90] used a weakest link statistical Aodel

to give microstructural significance to the characteristic

distance and to predict KIC as a function of temperature

and microstructure. Using the HRR crack tip stress solution

for the stress distribution near the crack and a linear

elastic solution for stresses near the elastic/plastic

interface they found that the failure probability given by

58



weakest link statistics is:

1- exp(- jdV jg(S)ds]) <38>

V is plastic zone volume, T is the applied stress, and S is

the carbide strength. This model assumed that the critical

event in the cleavage fracture process was the propagation

of a microcrack from a carbide into the ferrite matrix. It

did not hold if the rate limiting step was propagation of a

crack from one ferrite grain into another.

Rosenfield et al. [91] used detailed fractography to

study cleavage initiation sites in an effort to better

understand the statistical variations of KIC. For specimens

which showed no stable crack growth, their results agreed

with the RIR model in which a critical tensile stress is

required over a characteristic distance to initiate a

cleavage crack. However, a significant finding of their

study is that a large portion of the cleavage nucleating

particles were manganese-sulfide particles of approximately

I micron in diameter, which crack at considerably lower

strains than do carbides. These results indicated that a

secondary microstructural feature is more important than

carbide or grain size in determining where cleavage fracture

occurs. They suggested that this secondary structure may be

a collection of synergistically orientated ferrite grains,

possibly withit, the same prior-austenite grain. The
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conclusion that the carbides may not be the primary factor

in determining cleavage initiation is supported by the work

of Zhang, Armstrong and Irwin (92] who found that cleavage

cracks did not initiate in the carbides due to strain in the

surrounding ferrite matrix but, that the crack actually

initiated at the carbide/ferrite boundary, propagated

through the ferrite grain, and then caused fracture of the

brittle carbide. They suggest that the critical distance

for cleavage initiation ahead of the crack tip is more

closely related to several large ferrite grain diameters,

and that in materials with a nonhomogeneous distribution of

grain sizes, regions of large grains are the weak spots.

Although their work was done primarily on weld

microstructures, these ideas suggest use of models other

than those which describe the cleavage fracture process in

terms of critical carbide size may be more applicable for

any non-homogeneous microstructure.
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EXPERIMENTAL PROCEDURE

The objective of this research program was to determine

the microstructural parameters controlling the strength and

toughness properties; in particular, the cleavage fracture

process of a microalloyed structural steel. Towards this

objective, elastic-plastic fracture mechanics testing was

combined with detailed microstructural and fractographic

analysis to give a complete charcterization of the fractire

process in these steels.

MATERIAL.

Material, in the form of two 2.5 m by 3.7 m, 50 mm

thick plates of ASTM, A710, Grade A steel, in the Class 3

heat treat condition, which had been re-solutionized,

quenched and aged for 2 hours at 5950 C, was obtained from

two different producers of steel plate. The plate

chemistries were determined using wet chemical analysis

techniques.

MICROSTRUCTURAL CHARACTERIZATION

A detailed analysis of the microstructures of the two

plates was carried out using optical, scanning electron
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(SEM) and transmission electron microscopy (TEM) techniques

to characterize the grain geometry and size distribution,

particle geometry and size distribution, grain boundary

structures, and dislocation structures and densities. The

microstructures of the two plates were then compared, and

differences were noted and used in equations relating

strength to microstructure to determine the effects of the

microstructural differences.

Optical Microscopy and Metallography

Metallographic specimens were taken from the mid-

thickness of each plate. Surfaces, in the three orthogonal

directions (longitudinal, long and short transvQrse

directions), were polished, etched and then examined in the

optical microscope for microstucture characterization.

Polishing was done by hand so that these same specimens

could also be analyzed in the SEM.

Rough polishing was accomplished on the qrinding wheel

using decreasing grit sizes from 120 grit to 600 grit.

Polishing at each grit size was carried out until the lines

produced by the previous grit were removed. Fine polishing

was accomplished using a nylon, napless cloth, with diamond

paste which was wetted with lapping fluid. The steps in the

fine polishing process were 6 micron, 3 micron, I micron and

1/4 micron, with a final polish carried out using an OP-S

62

- i i i i i U



slurry. The speoimens were rinsed with methanol between

each polishing step so that grit from the previous step

would not contaminate the subsequent step. Following the

final polish the specimens were rinsed in methanol and then

hot air dried.

Two different etchants were used to bring out different

features of the microstructure. A two percent nital solution

was used to bring out the general microstrucutral features,

while a five percent picral solution was used to enhance the

carbides. Specimens were immersed in the etchant for about

1 and 1/2 minutes, then taken out and rinsed in distilled

water to stop the reaction. Several specimens required

heating under the hot air blower for a minute to start the

etching reaction.

Photomicrographs were taken at 50X, 250X, 500X and

100OX using a Zeiss Axiomat inverted optical microscope to

determine if there was a roiling structure present in either

plate and to characterize grain size and geometry. Actual

grain diameters were measured to determine the distribution

in grain sizes. Measurements were made until each

additional measurement changed the percentage of the total

at each diameter less than 1/2 percent.
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Scanning Electron Microscopy

The polished and etched metallographic specimens were

put into a JEOL JSM 35CF scanning electron microscope (SEM)

for higher resolution analysis and X-ray microanalytical

identification of the grain structures and particles.

Secondary and backscattered electron techniques were used to

characterize microstructural features and to help in

precipitate particle identification.

Wavelength dispersive x-ray microanalysis was carried

out on polished specimens in a Camebax microprobe made by

Cameca which allovid for quantitative surface compositional

analysis. This system was used primarily for large particle

identification since the resolution was limited to

approximately 2 microns.

Energy dispersive x-ray microanalysis was conducted in

the SEM using a KEVEX-7000 computer controlled x-ray

analysis system. X-ray spectra, from areas of interest,

were collected for 150 seconds and then the background noise

removed and the peaks analyzed using KEVEX software. This

technique does not give quantitative data but the semi-

quantitative results were enough to identify particles in

most cases.
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Transmission Electro Wicroscopy and Specimen Preparation
Techniques

Transmissiv electron microscopy (TEM) was performed

using a Phill•im 420 STEM with an EDAX-9900 x-ray

microanalyti•%Sl system attached. Particle identification,

size, distribution and interaction with dislocations was

characterized using bright field, dark field, and selected

area diffraction techniques. Diffraction patterns were

recorded from single ferrite grains, and precipitates with

dark field images recorded using spots from the precipitate

diffraction pattern. Grain boundary structures were also

identified and characterized. Precipitate size

distributions were determined from TEM photomicrographs

using the grid method described in the ASM Dakto2 H.

TEM specimens were prepared by cutting thin slices (1/2

to 3/4 mm.) from Charpy V-notch specimens from each plate

using a diamond saw at medium speed with Buehlers cutting

fluid for a lubricant. The slices were then chemically

thinned by immersing them into a mixture of 5 ml sulfuric

acid, 8 g oxalic acid, 100 ml distilled water and 100 ml of

hydrogen peroxide until they were reduced to about 60 to 80

microns in thickness. Three millimeter discs were then

punched from the thinned sheets. El4otropoliching was done

using a Struers Tenupol jet polisher until perforation

occurred. The slectropoliuh solution was a mixture of 33

volume percent nitric acid in methanol, with
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electropolishing conducted at 15V at a temperature of -300C.

MECHANICAL PROPERTY CHARACTERIZATION

Tensile, Charpy V-notch and quasi-static fracture

toughness properties wore measured for upecimens from each

of the two plates over a temperature range of 220 C to

-1600 C to characterize the fracture behavior of these

plates as a function of temperature.

Tensile Testing

Tonsile testing was done according to ASTM ES

procedures using a standard, round, 12.8 mm diameter

specimen with a 50 mm gage section, Figure 6. Three

specimens each were taken in the long transverse (T) and

through thickness (S) plate directions, shown in Figure 7,

tc characterize the extent of anisotropy of the tensile

properties. The remaining specimens were taken in the

longitudinal direction (L) from each plate to minimize the

effects of rolling on the tensile properties. Two specimens

were tested at each temperature over the range from room

temperature down to -160o C at 270 C intervals. 16

specimens in all were tested from each plate. All testing

was conducted on a Tinius Olsen screw driven test apparatus

with a 0.267 MN load cell and a variable strain rate

controller which was set at 1.7 X 10"5 m/s. A well.
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insulated cold box, into which liquid nitrogen could be bled

through copper coils, was used for testing specimens at just

below room temperature, down to -1600 C. The specimen

temperature was determined using a type T thermocouple

attached to the specimen but insulated from the chamber with

tape. The chamber temperature was determined using a type T

thermocouple attached to the grips but with the end exposed

to the chamber atmosphere. The chamber temperature was used

as the reference for computer control of the LN2 valve.

This system enabled temperature control to within t 10 C

at higher temperatures and to within t 2.80 C at

temperatures below -730 C.

All data collection, as well as temperature control,

was handled by a computer and software developed at the

David Taylor Research Center, with the capability of reading

multiple channels of data. The channels of data collected

included: load, crosshead displacement, time, gage length

extension via two extensometers and one strain gage,

specimen temperature and chamber tempek'ature. The

temperature was controlled using the more sensitive chamber

temperature thermocouple.
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Figure 6. Schematic of the ASTM specified, 12.8 mm diameter
tensile specimen used for determining tensile properties.

/

Figure 7. Schematic of plate material with plate and
specimen directions labelled. After ASTM E399-81.
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The extensometers were made using two 6.25 mm thick

aluminum plates with holes at the center that were spring

loaded at the inner diameter to allow attachment to the ends

of the gage section. Transducers were inserted through

holes in one plate and held with a set screw such that they

were within 1/10 mm of the plate on the other side of

the gage length. The transducers were connected through an

amplifier to a voltmetor which was then attached to the

computer. Calibration of the transducers was 0.635 mm/volt

producing a total range of approximately 12.5 mm of

extension.

The strain gages were EP-08-250BG-120 gages from Micro

Measurement Division which were attached to the specimens

using AE-15 low temperature bond and rated at 10 percent to

15 percent extension. These gages were limited in the

amount of strain that could be measured and thus were only

used to verify the strain to yield.

The strain hardening exponent was Oetermined using a

a regression analysis fit to the logCT/log• plot betweEo

the lower yield stress and the ultimate tensile stress.

Young's modulus was determined using regression analysis on

the elastic loading region of the load/elongation curves.

The percent elongation and reduction in area were measured

directly from the specimens and correlated to the

displacement readings taken during the test.
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Charpy V-Notch Testing

Charpy V-notch testing was done according to the

procedure specified in ASTM E23. The specimens were

standard size, with all dimensions shown in Figure 8. All

specimens from each plate were taken In the L-T orientation

from the quarter thickness of each plate to minimize the

effects from plate rolling on impact properties. Cooling

was done using an alcohol bath and the temperature monitored

using type T thermocouples attached to a dummy specimen in

the bath. Specimens were mounted in the machine and loaded,

via a hammer, and the total energy absorbed by the specimen

during the test read directly from the dial indicator.

Threa specimens from each plate were tested at each

temperature over a range from 380 C to -1600 C at intervals

of 170 C. This temperature range ensured a full ductile-to-

brittle transition curve characterization for each plate.

L ~27.5 31

Figure 8. Schematic of the ASTM specified Charpy V-notch
specimen used in all impact toughness testing.
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Elastic-Plastic Fracture Toughness Testing

JIC fracture toughness was determined for both plates

using the ASTM E813 single specimen technique. The

specimens were 25.4 mm thick, compact tension specimens

which were notched and fatigue pre-cracked to a crack depth

of approximately 0.65 a/W where a is the crack length and W

is the specimen width. The fatigue precracking was carried

out according to ASTM E813-81 on a hydraulic test apparatus

at a frequency of 25 Hz with AK kept below 30 MPV/¶. The

specimens were side-grooved, with a 450 included angle to a

depth of 10 percent of the specimen width, as shown in

* Figure 9, to keep the crack front relatively straight. The

specimens were made in the L-T orientation of the plates to

minimize the effects of plate rolling. Crack growth was

measured via a clip gage mounted on razor edges attached at

the load line of the specimen, Figure 9. Testing was done

over a range of temperatures to characterize the ductile-to-

brittle transition of the fracture toughness behav4 dr.

The quasi-static J-R curve testing was conducted on a

screw driven test machine with a 0.237 MN load cell. The

cross head speed was 1.7 X 10-5 m/s. Testing was conducted

using the computer-interactive unloading compliance test

procedure of Joyce and Gudas [93]. Crack mouth opening

displacement was measured using an MTS clip gage calibrated

to a sensitivity of 0.38 mm of opening per volt for a total
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range of 7.62 mm of crack opening. The conpliance was used

to calculate crack length and changes in crack length using

the elastic compliance expression of Saxena and Hudak [94].

J was calculated according to Ernst et. al. (95] which

utilizes the incremental area under the load displacgment

record between lines of constant displacement. A curve of

J versus 4 a was then determined from the area under the

load-displacement curve, a blunting line drawn, and JIc

calculated. For specimens which failed to exhibit stable

crack growth, a value of Jc, the value of J at cleavage, was

taken.

- - - -- -

9.6 DIA.

flIMENSIONS IN mm

Figure 9. Schematic of the ASTM E813 specified compact
tension specimen used in quasi-static fracture toughness
testing.
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Fracture toughness was measured over a range of

temperatures to characterize the transition behavior of the

two plates. Two specimens were tested at each temperature

with the range of temperatures and intervals different for

the two plates due to the difference in the ductile-brittle

transition temperatures exhibited by the plates. Specimens

from the plate exhibiting the lower DBTT were tested over a

range from 220 C to -1300 C at 140 C intervals while

specimens from the plate exhibiting the higher DBTT were

tested over the range 220 C to -730 C at 140 C intervals

over much of the range and 50 C intervals through the

transition region. The temperature was measured using type

T thermocouples. The specimen thermocouple was peened into

a small hole on the upper surface of the specimen, while the

chamber thermocouple was attached to the upper grip. The

more sensitive chamber temperature was used for computer

control of the liquid nitrogen (LN 2 ) valve which was used to

bleed LN2 into the chamber. This method of temperature

control allowed control to within ± 30 C at temperatures

below -730 C and to within ± 10 C at higher temperatures.

Fractography an6 Fracture Characterization

Once the specimens were fractured, by whatever method,

the the specimens were cut approximately 12.5 mm away from

the fracture surface and the fracture surface mounted into

the scanning electron microscope for detailed stereo
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fractography. Fracture mode was determined, and void or

crack initiation sites were characterized. The cleavage

initiation region was thoroughly examined to characterize

the size, d, and geometry of the cleavage facet containing

the cleavage initiating particle, and to identify the

initiating particle or structural element. The distance

from the sharp crack, for fracture toughness specimens, or

blunt notch for impact specimen, X, to the cleavage

initiation site was measured on each specimen exhibiting

cleavage fracture to determine if there was an identifyable

characteristic distance as described by Curry and Knott

[85]. The distance between the growing ductile crack tip

and the cleavage initiation site, r, was also measured. The

cleavage initiation sites were identified using stereo

fractography of the matching surfaces and following the

"river pattern" characteristic of cleavage fracture in the

stereo fractographs back to the origin of cleavage fracture

as shown in Figure 10. In all cases, stereo fractography

made identification of the cleavage initiation site easier,

in some cases it was the only way identification of the

initiation site could be made.

Energy dispersive x-ray analysis enabled identification

of the particle initiating cleavage in most cases.

Exceptions arose when the initiating particle was very small

or no initiating particle was observad.
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Figure 10. (aI) SEM photomicrograph of the fracture surface
of an impact toughness specimen with the distances that were
measured labelled (l0X). (b) SEN photomicrograph or the
fracture surface of a, compact specimen with the initiating
cleavage facet outlined and the diameter marked (lOOOX).
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Subsequent to fractographic examination, the fracture

surfaces were electroplated with nickel for protection, cut

with a slow speed diamond saw, polished and etched to reveal

the microstructure, and examined in the SEM. The polish and

etch techniques used were the same as those described

earlier in the section on metallography. This technique

allowed examination of the plastic zone associated with each

fracture and measurement of secondary crack lengths.

Secondary cracking was apparent on all specimens, and,

following polishing and etching, the microstructural

features associated with these secondary cracks could be

observed, including the initiating miorostructural feature.

Secondary crack lengths were measured directly from SEM

micrographs with enough being measured to ensure statistical

significance.
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RESULTS

MATERIAL

Chemistry and thermomechanical processing history play

a large role in determining the complexity of the

microstructure of high strength, microalloyed, age

hardenable steels. The two plates studied in this program

were produced to the same ASTM specification (ASTM A710,

Grade A, Class 3 heat treat) but were produced by different

producers using slightly differing techniques. The plate

identified as GFF was ingot cast, rolled to a 203 mm slab,

reheated to 12000 C, hot rolled to the final 50 mm

thickness, and air cooled. The plate identified as GGN'was

continuously cast into a 203 mm slab, reheated to 12000 C,

rolled to the final 50 mm thickness, and air cooled. This

difference in thermomechanical processing history resulted

in a variation in grain size distribution that will be

described later. The ASTM specification for this material

allows small variations in chemiitry, and, as shown in Table

f, the two plates exhihit slight differences in chemical

composition. Plate GFF had a lower carbon content than

plate GGN but had higher phosphorous, manganese, aluminum,

and nitrogen contents.
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CHEMICAL COMPOSITION

Plate C Mn P S Si Ni Cr Mo Cu

GFF 0.04 .586 .0052 .0043 .246 .900 .701 .188 1.17
GGN 0.058 .536 .0063 .0014 .269 .913 .759 .219 1.26

ASTM A710 .06 .40- .025 .025 .40 .70- .60- .15- 1.0-
max .70 max max max 1.00 .90 .25 1.3

Element Sn V Ti Nb Al Ca N

GFF .006 .003 .002 .0333 .0412 .0023 .0146
GGN .014 .005 .004 .0476 .0365 .0022 .0099

ASTM A710 - - - .02 min - - -

Table 1. Chemistries of the two ASTM A710, Grade A, Class
3, steels plates used in this research along with the ASTM
specifications for A710.

MICROSTRUCTURAL CHARACTERIZATION

Polished and etched microstructures were examined in

the optical and scanning electron microscopes to

characterize grain size distribution and geometry, as well

as particle size distribution, geometry and spacing.

Particle identification was characterized using wavelength

and energy dispersive x-ray analysis, as well as

transmission electron microscope (TEM) diffraction
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techniques.

Grain Structure

The grain structure for both plates consisted of

polygonal ferrite interspersed with small regions of low

carbon bainite (also called acicular ferrite), There were

also very small regions of higher carbon which exhibited a

structure composed of lath ferrite with interlath

precipitation of carbide and cementite precipitates.

Polished and etched surfaces, taken in the threo major plate

directions (longitudinal, long and short transverse), were

atudied in the optical microscope at low magnification to

determine if any banding structures were apparent. No

obvious banded structures were observed in either plate,

figures 11 and 12, indicating that segregation of elements

did not occur on a macroscopic level during the rolling

process and that deformation during rolling was relatively

homogeneous, and suggesting a finish rolling temperature

that was probably above the ferrite transformation

temperature.

Higher magnification observation of the microstructures

revealed small areas of high carbon content between the

polygonal ferrite grains. High magnification SEM

photomicrographs showed these areas to be small lath ferrite

grains with a higher density of carbide or cementite
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precipitation than was observed in the low carbon acicular, and

polygonal, ferrite grains figure 13. Grain boundary carbide

films shown by arrows in Figure 13, were also apparent at

many of the grain boundaries of both plates with the volume

fraction of these carbides larger for plate GGN due to its

higher carbon content. The presence of grain boundary

carbide films was confirmed using transmission electron

microscopy techniques.

Grain size distribution was determined for each plate

from optical and SEM photomicrographs of polished and

etched specimens, taken at 500X and 1000X, using a direct

diameter measurement approach. The average grain size for

each plate was determined by dividing the total diameter

length measured by the total number of measurements taken.

The average grain- size for the two plates was similar with

an average grain diameter of 7.8 microns for plate GFF and

an average grain diameter of 8.7 microns for plate GGN. To

get a better idea of the distribution of grain sizes, the

largest diameter of each grain in several, random,

photomicrographs were measured. These measurements were

repeated until each additional measurement changed the

distribution by less than one percent. The difference in

grain size of the two plates was found in the distribution

of grain sizes between the plates as shown in figure 14.

Plate GFF exhibited a single peak distribution with the peak

centered at 3 microns and skewed right with the largest
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GRAIN SIZE DISTRIBUTION
Plates GGN and GFF

Counts
60

40,

30

20

10.

0 7
0 10 20 30 40 50 60

Grain Size (microns)

---- GGN -+-G FF

Figure 14. Plot of the grain size distributions for the two
plates characterized in this study.
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grain diameter measured at 30 microns. Plate GGN exhibited

a bimodal distribution of grain diameters with the largest

peak centered at 3 microns and a secondary peak

centered at 25 microns and skewed right, with the largest

grain diameter measured for this plate at 41 microns. Grain

size plays a large role in both strength and toughness of a

material but the effect of grain size distribution on

toughness has not yet been determined. Using the Hall-Petch

equation <4> it might be expected that plate GFF would have

a slightly higher strength than plate GGN. That this is not

true will be shown later and provides supporting evidence

for microstructural features, other than grain size,

contributing to strength.

Precipitate and Inclusion Characterization

Precipitates and inclusions were characterized using x-

ray and transmission electron microanalytical techniques

such as bright and dark field imaging and selected area

diffraction. Elemental x-ray mapping techniques identified

elongated niobium (assumed here to be carbonitrides), cuboid

titanium nitrides, spherical as well as some elongated

manganese sulfides, and oxides of aluminum and iron. Table

2 liLts the precipitate size ranges, average size and

interparticle spacing for each of the particle types

identified. The sulfides were usually associated with
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oxides in sulfide-oxide complexes (lower melting sulfides

coating the high melting oxides). These complex particles

tended to be large and ranged in size from 0.2 to 20 microns

in diameter. Smaller equiaxed oxides and sulfides were

also identified, Figure 15. Both plates contained a fine

dispersion of copper precipitates ranging in size from 25 to

approximately 200 angstroms in diameter, Figure 16. TEM

electron diffraction patterns were used to identify the

precipitate structures as FCC as shown in Figure 17,

indicating that the copper precipitates were present in a

slightly overaged condition [45,46]. The distribution of

copper precipitates was nonuniform with the fine

precipitates tending to form clusters ranging in size from 5

to 25 nanometers, Figure 18.
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TABLE 2

PARTICLE SIZE AND SPACING

particle mean size mean spacing volume fraction
GFF IGGN GFF IGGN nFF GGN

(2r) (2r) (L) (L) (f) (f)

NbCN 16 18 67 62 0.19 0.27

TiN 28 31 610 525 0.005* 0.007*

MnS 31 25 350 365

FCC
Copper 12 11 77 65 0.040 0.067

+/-Snm +/-20nm

* Total volume fraction of large particles.

Table 2. Particle sizes and interparticle spacings for all.
the particles identified using TEM microscopy techniques.
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Figure 15. Transmission electron photomicrograph showing
the particle distribution in plate GGN.
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Figure 16. Transmission electron photomicrograph showing
copper precipitates in the microstructure of plate GGN.
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Figure 17. Transmission electron diffraction pattern taken

from a region of fcc copper precipitates.
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F'igure 18. Transmission electron photomicrograph showing
clusters of copper precipitates in the microstructure of
plate GFF.
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MECHANICAL PROPERTIES

Tensile Properties

Figure 19 shows typical load-displacement curves

for one specimen from each of the two plates with the strain

to fracture for the two plates noticeably different. Figure

20 shows the tensile properties of the two plates as they

vary with test temperature. The 0.2% offset yield, ultimate

tensile, and true fracture stresses were higher for the

specimens from plate GGN over the range of temperatures

tested than they were for the specimens from plate GFF. The

tensile property/temperature relationship of both plates

exhibited a change in slope at approximately -1 000 C.

However, as shown in Figure 20, this change in slope was

steeper for tensile properties of plate GGN than for plate

GFF.

The strain hardening exponent was determined for each

specimen using the strain gage data and determining a

regression analysis fit of the log true stress/log true

strain curve between the lower yield stress and the ultimate

tensile stress. Figure 21 shows the variation with

temperature of the strain hardening exponent for both plate

materials. The strain hardening exponent was higher at all

temperatures for specimens from plate GFF which exhibited a

strain hardening exponent of 0.18 at room temperature, while

the strain hardening exponent for GGN at room temperature

was 0.13.
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Figure 19. The load/displacement curves for one tensile

specimen from each plate, tested at -400 C.
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TENSILE PROPERTIES VS TEST TEMPERATURE
Plates GFF and GGN

Stress (Ma)
2800

2000-

1500-

1000-

800-

-200 -150 -100 -60 0 so
Test Temperature (C)

OFF Y.S. + OGN V.S. *OFF U.TS.

C3 GON U.T.S. X< OFF F.8. GON FS.

Figure 20. A plot of the tensile properties for plate GGW
and GFF versus test temperatuire. (Bridgeman corrected (96])
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Strain Hardening Exponent
Plates GFF and GGN

Exponent
0.25

0.2-

0.15 + + +

0.1

0.06

-200. -160 -100 -50 0 50
Test Temperature (C)

* GFF + GGN

Figure 21. A plot of the strain hardening exponent for
tensile specimens from plates GGN and GFF versus test
temperature.
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The strain hardening exponent for both specimens decreased

slightly with decreasing temperature, with GFF exhibiting a

larger temperature dependence.

Strain to fracture is shown in Figure 22, which

contains percent elongation and percent reduction in cross

section area (RA) vs test temperature curves for specimens

from both materials. Specimens from plate GGN exhibited a

slightly lower percent elongation and reduction in area over

the range of temperatures tested than did GFF specimens,

with the difference between the two plates increasing with

decreasing temperature. This is consistant with strain

hardening data. The percent elongation and reduction in

area properties for both plates decreased with decreasing

temperature but this decrease was modest for plate GFF

specimens while both properties decreased rapidly for plate

GGN specimens below test temperatures of -7 3 0 C.

Above -'730 C the tensile properties of both plates

varied with temperature in roughly the same way. At the

lower test temperatures, plate GGN tensile properties showed

a stronger dependence on test temperature.

Room temperature transverse (T) and through thickness

(S) tensile tests were done on both plates in an earlier

study [97] with results showing the transverse properties to

be similar to those measured in the longitudinal direction

(L). The properties measured in the through thickness plate
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Tensile Ductility Properties vs Test T
Plates GFF and GGn

Percent
100

80 M

C]

40
a

20 +

0
-200 -160 -100 -50 0 60

Test Temperature (C)

O GFF %EI + GGN %EI

*GFF RA 11 GQN RA

Figure 22. A plot of the tensile ductility properties (%
elongation and reduction in area at fracture) for specimens
from both plates versus test temperature.
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direction (S) differed from those of the other two

directions in that the yield strength and ultimate tensile

strength were higher and percent elongation to fracture

tended to be lower as shown in Table 3.

TABLE 3

Longitudinal Transverse Through Thickness
L T S

0.2% 0.2% 0.2%
YS UTS %RA YS UTS %RA YS UTS %RA
MPa MPa MPa MPa MPa MPa

Plate GFF
506 641 77% 511 603 80% 539 672 63%

Plate GGN
606 706 75.2% 600 711 74.3% 621 739 49%

Table 3. Tensile properties in the three orthogonal plate
directions, measured at room temperature (22 0C).
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Charpy Impact Properties

Figure 23 shows the impact energies versus test

temperature for specimens from both plates. Specimens from

the high strength plate, GGN, showed a lower upper shelf

energy, a wider transition range and a higher transition

temperature than did specimens from the lower strength

plate, GFF. However, due to the maximum load limit of the

test apparatus, the maximum upper shelf energy for plate •FF

could not be completely characterized. GFF specimens tested

at room temperature stopped the hammer without completely

fracturing. The impact energy transition region was

somewhat narrower and the lower shelf energies much lower

for plate GGN specimenu than for plate GFF specimens. Plate

GFF showed completely upper shelf, ductile behavior at

temperatures as low as -85 0 C while plate GGN specimens

exhibited only lower shelf, brittle behavior at these low

temperatures.

Fracture Toughness Properties

Quasi-static fracture toughness specimens were
precracked to an a\W ratio of 0.65 as shown in rigure 9 of

the previous section. Testing was conducted over a range of

test temperatures to characterize the effect of temperature

on the fracture toughness and fracture mode. Figure 24

shows the relationship between JIc, Jc and test temperature.
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CVN ENERGY vs TEST TEMPERATURE
Plates GGN and GFF
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Figure 23. A plot of the Charpy V-notch impact energies for
specimens from both plates GFF and GGN versus test
temperature.
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JIc AND Jc VERSUS TEST TEMPERATURE
Plate GFF and GGN Specimens
Fracture Toughness (kJ/m)
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Figure 24. A plot of J1 c and Jc fracture toughness versus
test temperature for specimens from both plates GFF and GGN.

101



In this curve, JXC is the work required to initiate stable

crack growth, while Jc is used to denote the work to

initiate unstable, cleavage fracture. The temperature

range over which both fracture modes occurred (specimens

with both a JXC and ac value) was considered to be the

fracture mode transition region and is shown for both plate

materials on this curve as a hash-marked region. As can be

seen in Figure 24, the transition temperature region for the

specimens from the lower strength plate, GFF, was much wider

and occurred at a much lower temperature than for plate GGN

specimens. Below a temperature of -1120 C all of the GFF

specimens tested exhibited only cleavage failure, while

above -600 C the fracture mode was only ductile. In the

fracture mode transition region, JIC values of plate GFF

specimens decreased with decreasing temperature. Above the

transition region (-600 C), GFF Jic values decreased

slightly with increasing temperature, from a maximum value

of 696 kJ/m2 , to an average value of 378 kJ/m2 , which is

consistant with results obtained by Hasson and Joyce [98] on

HY-80 steel.

Table 4 shows a comparison of the impact and quasi-

static toughness transition properties with the transition

temperature defined as the temperature at which there was

approximately 50% cleavage (FATT) for impact specimens and

stable crack growth to approximately 200 microns followed by
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cleavage failure for quasi-static fracture toughness

specimens.

TABLE 4

PlatZ CVN FATT J FATT Room Temperature
Oc °C Yield Strength

MPa

GFF -110 -85 503

GGN -60 -10 510

Table 4. A comparison of fracture appearance transition
temperatures and room temperature yield strength properties
for the two plates used in this study.

FRACTOGRAPHY AND FRACTURE CHARACTERIZATION

Tensile Fracture Mode Characterization

The fracture behavior of the two plates tested was

similar with both plates exhibiting a distinct fracture

appearance transition as test temperature was varied. At

temperatures above room temperature, (210 C) specimens from

both plates exhibited cup-and-cone, ductile fracture modes.

At lower temperatures the fracture appearance consisted of

microvoid coalescence combined with cracks in a plane which

was parallel to the loading direction. These were termed

longitudinal cracks since they were observed in the
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longitudinal plate direction, Figure 7.

Longitudinal cracking was observed to be a temperature

dependent occurrence with specimens exhibiting a more common

cup-and-cone type of fracture at higher (upper shelf)

temperatures. As the temperature was decreased,

longitudinal cracking appeared in the form of a starburst

pattern with the final transverse fracture occurring in the

necked region by microvoid coalescence. These longitudinal

cracks, which appeared in the upper transition region, were

ductile in nature with both mode one and two dimples [99],

Figure 25, indicating that the opening stresses were both in

the direction of loading as well as in the direction of

tangential stresses. The dimples also indicate that growth

of the longitudinal cracks occurred in a stable, manner.

The starburst type of longitudinal crack did not extend past

the necked region, and longitudinal crack growth occured

well after necking had begun, possibly just prior to final

fractures As test temperature was decreased through the

transition region, the number of longitudinal cracks in the

starburst pattern decreased and the crack depths increased,

extending almost to the end of the plastically deformed,

necked region of the specimen. The fracture mode of both

the final transverse fracture and the longitudinal cracks

changed from microvoid coalescence to cleavage at the lower

test temperatures.
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Figure 25. Line drawings showing the crack opening
directions and the corresponging dimple shapes of the
uniform strain mode and the three primary crack opening
modes. After Beachem (99].
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At the lowest transition temperatures one, or at most,

three longitudinal cracks were observed which extended in a

brittle manner throughout the necked region, at the center

of the specimen diameter, and into the non-necked region of

the specimen. The cleavage fracture surface appearance

followed the deformation pattern of the grains indicating

that fracture may have been intergranular along ferrite, or

prior austenite grains, in the longitudinal crack, and that

the longitudinal crack propagated after a critical amount of

strain. The crack arrest region of the longitudinal cracks

had a ductile appearance indicating that once the crack grew

out of the necked region the material could strain harden

enough to blunt the crack. Final fracture in these

specimens ocoured in a cleavage mode, outside of the necked

region, at either, or both ends of the longitudinal crack.

Fractographic analysis of the final fracture surfaces in the

region of longitudinal crack arrest showed that the

longitudinal cracks transitioned to a ductile fracture mode

just prior to arresting and that the final, transverse

cleavage fracture initiated at the point of longitudinal

crack arrest. The lower limit of cold temperature testing

in the apparatus used was -1600 C which was not low enough

to evaluate the lower shelf behavior of the two plate

materials. However, in tests done by other researchers

[100,101], specimens tested at lower shelf temperatures did

not exhibit longitudinal cracking.
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The fracture mode transition temperatures for specimens

from plate GFF differed slightly from those of plate GGN.

The ductile, cup-and-cone fracture mode occurred between

220 C and -200 C as shown in Figures 26. Diynple diameters

varied in size from 0.1 micron to over 150 microns with

dimple ligament direction indicating that crack growth

occured in a mixture of modes one and two, Figure 27.

The transition, starburst, fracture mode occurred

between -200 C and -1300 C as shown in Figures 28-30. The

fracture mode in this region was characterized by mode one,

opening dimples towards the center of the fracture surface

and between longitudinal cracks. In the areas directly

adjacent to the longitudinal cracks, mode two and three

shear dimples were apparent, Figure 31. Areas of shear lip

were found around the outer circumference of these specimens

between the longitudinal cracks (which extended to the

outside circumference in most cases), Figure 32. The

longitudinal crack growth mode in this temperature region

was also ductile void coalesence as shown in Figure 33.

Specimens containing a single, longitudinal crack and

final, transverse, cleavage fracture outside the necked

region were those tested at temperatures below - 1 3 0 0 C

shown in Figures 34 and 35. In all cases at the lowest

test temperatures, the final transverse fracture occurred
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rigure~ 26. ScannLing, electron photomnicrograph of? the~ fralcture
surface of tensile specitmen GFF-1 tested at 24 a C. (n) Typical cup-
and-cone appearance (l0X) . (b) Central. fracture. region withi bothi
large and small dimples (20OX).
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Figure 27. Scanning electron photomicrograph of the dimple morpho-
logy of tensile specimen GFF-l. (a) Large, deep dimple adjacent to
region of small, equiaxed dimples (3000X). (b) Higher magnification
shows the large size range of even the small dimples (10,OOOX).
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Figure 28. Scanning electron phiotomnicrographs of the matching
fracture surfaces of tensile spectimen (717T-2 tested it *-18 0 C showing
longitudinal cracks (lox).
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Figure 29. Scanning electron photomiicrographs of the 0 matching frac-
ture surfaces of tensile specimen GFF-3 tested at -45 C showing
longitudinal cracking (lOX).
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Figure 30. Scanning licetron photomicrograph of tensile specimen GCFF-4
tested at -750C. (a) Entire fracture surface showing the starburst
pattern of deep, longitudinal cracks (lOX) . (b) Fracture, surface
morphology at ihe center of the fracture surface (2C)OX).
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F~igure 31. Scanning electron photomicrograph of tensile specimen GFF-4.
(a) Arrow points to a small longitudinal crack exhibiting ductile tear-
ing (lOQOX). (b) Arrow points along the edge of a large longitudinal
crack marked X in Figure 30a. (2000X) .
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Figure~ 32. Scainning e Iui'tron phiotomlicrogtrlph of the3 mea1(rl lip fracttvur

area of tensile specimen C111-.2 t ested at -1.8 0C. Average d impI vc, di r-

etur in thiB reglon Ii~ I micron (10, ODOX)
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Figure 33. Scanning electron photomicrographs of regions of longidutinal
cracking in tensile specimen CFF-2 tested at -18 0C showing the fracture
mode to bo microvoid coalescence (a) 100X; (b) 1G00X.
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Figure 34.* Scanning elect on pllotomicroyraplim of one fracture Suirfaice
from tensile ispecitinen CFIF-6 tested at -1.30 0C Showing the tran~vurso frac-
ture surfacos on either side of t~he niecked region of t~he ipec Lien (LOX).
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Figure 35. Scanning electron photomicrographs of the matching fracture
surfaces of tensile specimen GI'-F-7 tested at -130C (a) lOX; (b) 15X.
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at either end of the necked region with cleavage crack

initiation occuring in the area of the arrested

longitudinal crack as shown in Figures 36 and 37. Figure

38 shows the appearance of the longitudinal crack region.

The failure mode was cleavage but the cleavage facets

exhibit the deformed fiber appearance, Figures 39 and 40,

indicating that cleavage cracking did not occur until after

appreciable plastic deformation.

Specimens from plate GGN did not exhibit a cup-and-

cone fracture mode when tested at room temperature (220

C). Between 200 C and -750 C fracture occurred ductily,

but with the starburst pattern of longitudinal cracks as

shown in Figures 41-44. As in the specimens from plate GFF

the crack growth mechanism in the center of the specimens

was ductile, mode one, void coalescence, Figure 45. Some

of the voids in this region exhibit an elongated appearance

similar to the longitudinal cracks indicating that the

mechanism of longitudinal crack growth was occurring at many

places on the fracture surface to a small extent. This

elongation of voids was more apparent towards the quarter

diameter of the specimens as shown in Figure 46. Dimple

diametor in this region varied greatly with the smallest

dimple dtameters on the order of 0.2 microns across while

the largest dimples exceeded 150 microns. The longitudinal

cracks had a ductile appearance with opening mode dimples

apparent in some cracks, as in Figure 47, while others had
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Figure 39. Sc annti ig electron photomiicrxog raph of tAiL( longitudinal crlack,
s4hown iLn the previous f igure~, talkLn it' the co ntur ot the
neckeud region, Cleavage faeLots have n fine appeara~nce duu
to the increas~ed amfount of duforvngt:on in this region
(200X).

17igure 40. Scanning electron photomicrograph of. 11w ilongitudinlln (:PLIk,

shown i1.1 the previous figuro, in the reg:ion of crac'.k arrest. Cl o. eav a ,
facetm have a coarser inppoarmu.JCCe 1dueL to the 1 halt:ed amoant of plasI: *'

duformat ion outside the. nock (20OX).
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Figure 41. Scanning electron photomicrograpli of matching fracture

surfaces of tensile specimen GGN-150 tested at 22 C (1X).
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Figure 42. Scanning electron phiotomicrograph of matching fracturc
surfaces from tensile specimen GGN-151 tested at 22 0 C showing-
radial pattern oL' longitudlinal cracks (lox).
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Figure 43. Scanning electron photomicrograph of matching fracture
surfaces from tensile specimen GGN-152 tested at -18O 0C sh~owing a '
single, through diameter longitudinal crack with smaller, radial
longitudinal cracks (lox).
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Figure 44. Scanning electron photomicrographs of matching a
fracture surfaces from tenfsile specimen CGhN-.t53 t~est~ed at -200 C.
(l.Ox)
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Figure 47. Scanning electron photomicrographs of the fracture
surface of the longitudinal cracks in tensile specimen GGN-151
showing opening mode dimples (440X).
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the appearance of extreme shear, as shown in Figure 48. In

some areas around the outer circumference between

longitudinal cracks, shear lip areas were apparent. The

dimples on these areas were very small and more uniform in

size than those found at the center of the fracture surface,

Figure 49.

At temperatures between -750 C and -1250 C, the

fracture of both the longitudinal and transverse crack

regions was a mixture of ductile void coalescence and

cleavage cracking. Theme specimens tended to exhibit only

one primary longitudinal crack as shown in Figures 50 and

51. The fracture area adjacent to the longitudinal crack

had very elongated shear dimples as shown in Figure 52,

while the rest of the transverse fracture surface had a

mixed, cleavage and ductile, fracture mode appearance as

shown in Figure 53.

Below - 7 50 C fracture was entirely cleavage in mode

and occurred at either end of the single longitudinal crack

which extended through the necked region of the specimen.

Figure 54 shows the appearance of the transverse, final

crack region of a specimen tested at -1600 C, while the

fracture appearance of the longitudinal crack region is

shown in Figure 55.
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Figure 48. Scanning electron p1..onioicrographs of the lOngitudihU.L
crack fracture surfaces from specimen CCIN-151 showing heliar mounc
dimpies. (a) TOCOX; (b) 1000X.
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leiguire 49. *scanningil eloctr.on photumlcrographNq of f racturo iu rfaco of
sipecimeon OCN-iSO in the shear li[p area.* Average d [mple dilamet el is
1 micron. (a) 2 OGOX, (h) 1.0, C0X.
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Figure 50. Scanning electron photomicrograpli of mllLethilg fracture
sw rfacoei of tensile speci~men GGN-155 tested ut *-45 0 C showing a singlO,
through diameter longitudinal crack (lOX).
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Figure 52. Scanning electron photomicrographs of she~ar dimplL. on t e
transverse fracture surface adjacent to the• longitudinlal cracks on
specimen 4GN-156 (a) IO00X; (b) 2000X.
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Fi:guire 53. Scanning elect ron Vt; -vrooLphut In C c rogniphs of t 1w t ralfvcr HLU

fracttir' ounrface of s pecime~n GCN-150 G iowhi H.ie (:1c f racture~ modLo Lo be
minxedc cl.tiv~agc and mitirovolid ecialt.4y(nnic cit. -73 )(' (20()OX)
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Figure 514. Scanning electron photomicrographs of matching transversefracture surfaces of tensile specipien (:GN--1650 tested at -130°0C showing
three longitudinal cracks which meet at the center of the specivien
(lox).
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F-igure 55. Scanning electrun phot.oinlcrographs of the longitud ital. crack
gurface from tensile specimen (,GN-160. (a) 20X; (b) 5OOX.
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Charpy Impact Fracture Mode Characterization

Testing of specimens from both plates was carried out

over a range of temperatures to allow characterization of

the full transition behavior of these plate materials.

While it is not believed that the upper shelf energy for

specimens from either plate was reached due to the limit of

the Charpy impact apparatus and the number of specimens

available for testing; full upper shelf fracture appearance

was observed for specimens from both plates at room

temperature, or slightly above.

The fracture appearance of specimens from both plates

in the upper shelf energy region consisted of microvoid

coalescence with lateral shear lips apparent. Figures 56-

58 show the typical fracture appearance of Charpy impact

specimens from each plate in the upper shelf region. The

voids ranged in size from 1 to 140 microns with the

majority of initiating particles identified as sulfides,

oxides, or titanium nitrides.

In the transition region the fracture appearance

transitioned from total microvoid coalescence to increasing

amounts of cleavage fracture at the center of the specimens

with decreasing test temperature. Fracture initiated in a

ductile manner at the notch and then transitioned to

cleavage at a distance from the notch. This distance (from

the notch to the cleavage crack initiation site) decreased
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Figure 5b. Scanning electron photomicrograph of the fracture surface
of Charpy impact specimen GFF-lib tested at -62 0 C. (a) Entire fracture
surface at low mnagnification allowing an appoarance typical of upptor
shelf fracture behavior (l.OX) . (h) Higher magnification of the central
fracture surface showing a simll area of cleavage fracture highlighted
by the arrow (5OOX).
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Figure 57. Scanning electron photomnicrographs of the fracture surface
of Charpy impact specimen GFF-116. (a) Typical fracture surface
appearance at the center of the specimen (150X). (b) Typical. frac-
ture appearance at the edges of the specimen (150X).
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Figure 58. Scanning electron photomicrographs of the fracture

surface of Charpy v-notch specimen CGN-128 tested at 220C showing

the fracture mode at this temperature to be microvoid coalescence

(a) IOX, (b) 500X.
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with decreasing test temperature. At the lowest test

temperatures (-1600 C) specimens from both plates failed in

an entirely brittle manner.

The cleavage initiation sites were characterized

throughout the transition region with the initiating facet

size, initiating particle and the distance of the initiation

site from the notch, identified and measured. These

parameters are listed versus test temperature for specimens

from each plate in Table 5.
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TABLE 5

Cleavage
Initiation Initiation

Specimen Test T Energy Facet Size Initiating Distance*
(OC) (J) (microns) Particle (microns)

Plate GGM (r) (X)
129 -130 7 35 oxide 200
119 -130 8 oxide 200 300
107 -118 19 32 nitride 750
127 -100 26 17 sulfide 1.40 550
117 -100 58 34 carbide 700 1400
1C6 -100 i3 34 ** 800
126 -84 71 41 oxide 400 710
116 -84 7 57 nitride 260
105 -84 9 64 ** 280
115 -68 91 60 nitride 750 2100
.104 -68 174 35 carbide 140 320
124 -51 176 37 carbide 450 3200
114 -51 33 25 oxide 140 500
103 -51 190 72 nitride 300 3300
120 38 211 55 oxide 1000 4200
Plate GFF
100 -1i8 27 35 ** 320 500
111 -118 33 40 ** 350 600
133 -118 207 34 carbide 250 3900
143 -118 193 55 carbide 420 3410
112 -107 179 57 oxide 800 3600
134 -107 176 73 sulfide 280 3200
135 -95 205 42 ** 140 4900
145 -95 233 30 nitride 120 4800
146 -84 275 40 nitride 70 4600
104 -73 297 28 nitride 100 5800
115 -73 290 75 oxide 300 4800

*Cleavage initiation distance is the distance to the
cleavage initiation site from either the notch (X), or the
growing ductile crack tip (r).

** No cleavage initiating particle identified.

Table 5. Charpy V-notch cleavage initiation data measured
from fractographs taken of each specimen.
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The cleavage initiating facets and particles

were identified by following the cleavage "river" pattern

back to the point of initiation. Stereo fractographs made

this identification easier at higher magnifications since

it allowed full topographic characterization of the

fracture surfaces. Figures 59-62 show the fracture surface

characteristics of specimens from each plate tested in the

ductile-to-brittle transition region. Cleavage crack

initiating precipitates were identified as titanium

nitrides and manganese sulfides in most cases but in some,

Figure 62, no precipitate was observed. Cleavage

initiation occurred within several hundred microns of the

ductile crack growth region but the distance between the

cleavage initiation site and the notch decreased with

decreasing test temperature. The region of ductile crack

growth also decreased with test temperature, while the

distance bntween the growing ductile crack and the cleavage

initiation site remained about constant over the transition

temperature range. At the lowest test temperatures, very

little, or no ductile crack growth was observed prior to

the onset of cleavage fracture initiation, Figures 63-66.
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FigUre. 59. Scanning electroti photurnlcrograpli of t:1ii fv.Actlure sur~facc2

of Charpy impact spce GvV-1:34 tested aIt -1.05 C. (a) Ent tre
fracture omiri'ace withi tHi arrow shiow-Ing Lhe cleuivage fniltiat ionl
regi on (10X). (b) Cl eavage. In It Lat on ý ilte (or row) (.500(X).
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Figure 60, Scanning electron jplotomtcrogragllH of the fractuxre surface of
Charpy impact specimeun CCN-1-20 tested at '37 C. (a) Enhtitre fracture
surface at lOX. (b) Cienvoge. init lot ion region (50X).
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Figure~ 61. Sc anning clectron photomicrograpih cof thc. fracture Surface
of Cliarpy impact EspL'cimn~ C CN-124 tLested at -5i 0 0C. (a) I ntirm fracture

surface~ (l-ox) . (b) flucLiil--to-br iitt transitLion zone with the.
cleavage~ inkint TLon -ito ilowil by the arr ow (l. ThX).
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Fvl.gure 62. Scanning electron photomicrograph of the fracture surface
of Charpy impact specimen GGN-124. (a) The cleavage initiation f~acet
shown by the arrow (10OX). (b) The cleavage initiation site shown by
the arrow (iO0,OOOX)
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Figure 63. Scanning ei octron photton licIrOgruph)I Of )t he U ichito mesur f'ac

of Charpy impact spec ivien cFFr-.I. :1 ested at -1[0 C . (11) I-I'nt ire frrw-a

ture. surface with the nrrow showing tHie c Wnvnge Ifrac Lurel hoi.llot Lon

reg ion (lOX) . ( b) II igjwr magoifIno I: Iclon ol H ie ceii n!ge fnUmc Luir o

region 0 50X)
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Figure 64. Scanning electron photoin.icrograpli of the cleavage
initiation site of Charpy impact specimen (1FF-ill tested at
-120'C (5oox).
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Figure 65.* Scanning eloct ron photonlicrograph of t~he fracture surface
of Mharpy impact specimen GGN-108 tosted at -130" C. (a) Low magni-
fication of t'hQ entire ,,ilrfacu. with the arrow p~oiiL:[ig to thie
cloavage crack in Etiat ion ý:ite (l-OX) (b) Hi~gher magnif trot ion of
thec cleavago initiation -,fte. (150X).
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Figure 66. Scanning electron photomicrograph of the cleavage
initiation site on the fracture surface of Charpy impact specimen
GGN-108 tested at -130 C (3000X).
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Fracture Toughness Specimen Fracture Mode Characterization

25.4 mm thick compact specimens were tested over a

wide range of test temperatures to allow full

characterization of the transition fracture toughness

behavior of the two plates. The ductile, upper shelf, and

brittle, lower shelf temperature ranges were determined and

then the bulk of testing was done between these temperatures

to evaluate the ductile-to-brittle transition behavior of

the specimens. At room temperature, specimens from both

plates exhibited stable ductile crack growth behavior.

The ductile-to-brittle transition temperature ranges

were different for the two plate materials with specimens

from plate GFF exhibiting a wide transition temperature

range centered about -90o C, as shown in Figure 24,

while specimens from plate GGN exhibited a very narrow

transition temperature range, centered about -100 C, also

shown in Figure 24. The fracture behavior of specimens from

both plates varied widely in the transition regions with no

apparent relationship between decreasing test temperature

and decreasing length of the ductile zone. This is shown

both in the wide range of scatter between the energies

required for the initiation of stable crack growth and the

initiation of unstable cleavage in the same specimens, and

in the measurement of the width of the ductile crack growth

region on each specimen. Figures 67 and 68 show the
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Figure 67. Scanning electron photomicrograph of the fracture
surface of frac ure toughness specimen GGN-27 tested at -10 0 C,
(a) Low niagn:if.cation of the cl.eavage initiation region (arrow),
including the region of stable crack growth (40X).
(b) Cleavage initiation' region (200X).

155



A..

Figure 68. Scanning electron photomnicrograph of the stabie crack

growth region of CON-27. (a) Entire width of the stable crack

growth region (lOOX). (b) Dimple morphology in the stable crack
growth region (lOOOX).
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microvoid morphology in the ductile crack growth region of

specimen GGN-27 which was tested in the upper transition

temperature region. All specimens exhibited a dual

distribution of microvoid diameters as shown in the graph of

microid diameters for specimen GGN-27 in Figure 69. The

microvoid initiating particles varied with sulfides the most

common initiating particle identified in the larger voids.

Figures 70 and 71 show the cleavage initiation region and

initiating particle for specimens GGN-27 and GGN-30, both of

which exhibited an amount of stable crack growth prior to

cleavage initiation. In both cases a titanium nitride

particle of approximately 0.75 microns in diameter was

identified as the initiating particle. Figure 72 shows

stereo photomicrographs of the cleavage initiation region

from specimen GFF-ll which failed entirely by cleavage.

Figure 73 shows higher magnification SEM photomicrographs of

the actual cleavage initiating particle identified as a

manganese sulfide particle which was approximately one

micron in diameter.

Figure 74 shows the matching fracture surfaces from

specimen GFF-2 which was tested at -1000 C, the low end of

the transition temperature region. A zone of ductile crack

growth was apparent on this fracture surface but it

extended less than one hunidred microns from the notch and

did not extend across the entire width of the specimen.

This was typical of the fracture appearance of specimens
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GRAIN AND DIMPLE SIZE DISTRIBUTION
Plate GGN
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Figure 69. Plot of the dimple diameter distribution as
measured from specimen GGN-27 compared to the plate GGN
grain size distribution.
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Figure 70. Scanning electron photomnicrograph of the cleavage initiation
region of GGN-27. (a) Arrow points to the cleavage initiation1 facet
(2000X) . (b) Arrow points to the. i~nitiating titanTium nitride par~ticle
(10OOO0X).
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Figure 73. Scanning electron photomicrograph of the cleavage

initiating particle onl speci~mcn CT'-il. (a) The arrow poi~ntsi to

the initiating ntobium carbide particle, whille the dimple Lit X was

initiated by a manganese milfide parti~clv (1500X) * (b) Higher

magnilIcat ion of thbe cleavage Initiating, niobiumi carh idc! part iclec
(5000X)
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from each plate that were tested at a temperature just above

the lower shelf, brittle fracture mode temperature region.

Figure 75 shows the matching fracture surfaces in the region

of cleavage crack initiation from specimen GFF-2 with the

arrow pointing to the initiating facet. The plastic

deformation associated with cleavage is very small which is

supported by the fact that these photomicrographs of

matching surfaces are almost mirror images of each other.

Figure 76 shows the cleavage initiating particle in specimen

GFF-2 which was identified as a titanium nitride particle.

The titanium nitride particle itself is cracked and the

crack can clearly be seen to extend into the ferrite matrix

indicating that crack initiation was caused by the cracked

particle instead of particle debonding from the matrix.

Table 6 contains the data from the cleavage initiation

region characterization measurements made on all of the

fracture toughness specimens tested. This information

includes initiating facet size, initiating particle

identification and size, and distance of the cleavage

initiating facet from the fatigue precrack. Carbide and

nitride particles were most commonly identified as the

microstructural elements responsible for cleavage crack

initiation.
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TABLE 6

(x)
Initiation Cleavage

Facet Initiation*
Specimen Test T JiC JI Size Initiating Distance

(0 C) (kJ/m2 ) (micron) Particle (microns)
(r) (X)

Plate GGN
31 -10 236 337 25 ** 680 750
30 -10 364 378 38 nitride 1310 2090
29 -12 68 48 sulfide 480
27 -12 241 730 21 nitride 280 925
28 -15 292 306 34 carbide 850 950
25 -17 234 41 **
24 -45 310 35 oxide
23 -62 37 51 nitride 80
21 -73 271 17 carbide 290
22 -100 34 25 carbide 145

Plate GFF
11 -70 527 1493 30 sulfide 1560 2330

9 -73 303 1287 48 carbide 1080 2930
6 -85 85 702 54 nitride 875 2250
5 -85 357 1076 37 oxide 620 2560
4 -85 131 651 33 ** 450 1870

28 -90 361 660 34 nitride 1400 1760
8 -90 321 657 33 sulfide 580 1940

13 -95 301 1059 57 oxide 150 1400
29 -95 372 817 42 carbide 1025 1900

1 -100 101 29 nitride 540
2 -100 431 45 nitride 710 900
3 -100 125 608 41 carbide 1230

25 -110 165 973 62 ** 1370
14 -110 275 412 25 sulfide 290 410
22 -120 345 35 carbide 370

* The cleavage initiation distance measured is that between
the tip of the fatigue pre-crack and the cleavage initiation
site.

** No cleavage initiating particle identified.

Table 6. Cleavage fracture initiation data measured from
fracture toughness specimens from both plates.
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Secondary Cracking in Fracture Toughness Specimens

Fracture surface profile, metallographic specimens were

prepared by sectioning each fracture specimen to expose the

microstructure adjacent to the primary crack path on a plane

perpendicular to the primary frau.,z. The fracture surface

was protected by plating it with n'ckel before cutting with

the diamond saw. These surfaces were then polished and

etched to reveal the microstructure. Scanning electron

microscopy of the areas adjacent to the primary fracture

allowed measurement of the plastic deformation zone

associated with the primary crack at each test temperature

and also allowed observation and characterization of the

nature of any secondary cracks. Secondary cracks were

defined as cracks which initiated and propagated some

distance under the same stress field as the primary crack

but which did not gain the energy required to sustain crack

growth. These cracks provided important information about

the cracking process in these materials since they allowed

,gA•s study of crack initiation sites, critical propagation

distance for self propagation, and high energy

microstructures which act as barriers, or arresting

stru-.tures to crack growth.

A survey of secondary cracks was taken and the crack

size distribution is shown in Figure 77. The initiation and

arresting sites were identified, and crack length was
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SECONDARY CRACK SIZE DISTRIBUTION
Plates GFF and GGN
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Figure 77. A plot of the distributions of secondary crack
sizes measured adjacent to the primary crack in specimens
from both plates.
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measured. The measurements were only done in two dimensions

which did not always allow accurate measure of the total

crack length. However, since many cracks were measured it

is believed that the average and maximum crack lengths are

reasonably accurate. In most cases crack initiation

occurred at a ferrite grain boundary, and crack arrest was

at the adjacent ferrite grain boundary with some cracks

covering several small ferrite grains before arresting,

Figures 78 and 79. As can be seen in Figure 77 the peak in

the secondary crack length curves coincides with the average

grain size for the two plate materials while the maximum

secondary crack size was found to be limited to

approximately 25 microns in specimens from plate GFF and to

29 microns in plate GGN. As shown by the curve in Figure

77, the distribution of the secondary crack sizes roughly

followed the grain size distributions, with specimens from

plate GGN exhibiting a dual peak distribution of both grain

sizes and secondary crack sizes while specimen from plate

GFF exhibit a single peak distribution.

Specimens in the ductile-to-brittle transition

temperature region were found to have both voids and

secondary cleavage cracks as shown in Figure 80. Void

intiation occurred at grain boundaries or precipitates

as shown in this figure. In some cases a crack initiated in

a ductile mode and then propagated in a cleavage mode as

shown by the crack in the upper right portion of Figure 80
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Figure 79. Scanning electron photomicrograph of secondary crack-
Lng in rracture toughness spocilnen (;,FP-14 tested at -105 0 C.

The main crack is shown by the arrow (3000X).
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marked by arrow& labelled both a and b. In most cases void

initiation occurred readily but void growth was inhibited.

Void sizes were limited to the area adjacent to the

initiating precipitate at the grain boundary.
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DISCUSSION

MICROSTRUCTURE, STRENGTH AND TOUGHNESS

Microstructure and Strength

The microstructure of the two ASTM A710, Grade A, Class

3, steel plates used in this study consisted of polygonal

ferrite interspersed with regions of acicular ferrite, and

very small areas of high carbon lath ferrite which may be

either lower bainite or martensite. Scoonover and Speich

(102] attribute the presence of these higher carbon

structures to the rejection of carbon from the polygonal

ferrite during cooling. The remaining carbon-rich austenite

then transforms at a lower temperature to bainite and

martensite, with some austenite remaining even at room

temperature which transforms to cementite upon aging (102].

The differences between the microstructure of the two

plates were seen in the distribution of grain sizes as well

as the distribution of higher carbon lath ferrite

microstructures, and carbide precipitates. Plate GGN had a

slightly higher carbon content at 0.058 weight percent

versus 0.04 weight percent carbon in plate GFF which

accounts for the higher carbide content in plate GGN.

Another difference between the two plates occurred in

the processing. Plate GFF was ingot cast and thus received

a higher degree of deformation during the rolling process to
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produce the final 50 mm thick plate than did plate GGN which

was originally continuously cast into an 203 mm slab. This

may account for the fact that the grain size distribution

was more homogeneous in plate GFF which had a unimodal grain

size distribution with the peak centered at 3 microns. The

average grain size of plate GFF material was 7.8 micron with

a standard deviation of 4.6, while plate GGN had a bimodal

grain size distribution with grain diameter peaks centered

on 3 and 25 microns and an average grain size of 8.7

microns.

The chemistries of the two plate materials differed

somewhat resulting in a difference in precipitate size and

distribution between the two plates. As shown in Table 2,

plate GFF contained a smaller volume percent of both large

precipitates and copper precipitates. This difference in

precipitation must be considered when attempting to model

the strengthening mechanisms present in the two plates. To

determine the kinds of strengthening present in these

plates, dislocation/precipitate interactions were studied

using transmission electron microscopy of thin films made

from the ends of Charpy V-notch specimens. Figures 81

and 82 show dislocation/precipitate interactions in the

two plates. Precipitation of fine particles was apparent on

many dislocations but the "pinned" dislocation line

geometries suggested that Orowan type particle strengthening
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Figure 81. Transmission electron photomicrograph showing
the particle/dislocation interactions in the microstructure
of plate GFF.
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Figure 82. Transmission electron photomicrograph showing
the particle/dislocation interactions in the microstructure
of plate GGII.
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was present in both plate materials. The larger manganese

sulfide, oxide, titanium nitride, and carbide precipitates

are impenetrable by the dislocations and act to pin the

dislocations. In order for dislocation motion to continue

the dislocation must pass around the larger particles

leaving a dislocation loop around the particle, which then

increases the effect of the particle on further dislocation

motion. This "pinning" effect of large particles on

dislocation motion is shown by the arrow in figure 83. The

dislocations contain sharp angles which result from the

local pinning effect of the particle on just the region of

the dislocation within the stress field of the particle.

The smaller, copper precipitate clusters also have a

strong effect on dislocation motion. Studies of the

deformation of steels containing incoherent fcc copper

precipitates suggest that the strengthening is caused by an

Orowan mechanism [45-47]. Particle shearing was not

observed in this, or other studies [45-47), and while

dislocation loops were observed, Figure 84, the particles

within the loops were not identified.

Nickel in solid solution also affects dislocation

motion by increasing the strain in the matrix through atomic

misfit, and thus must also be considered when determining

the factors contributing to the strengthening of the two

plates. Srinivas et al. [103] have studied strengthening in
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Figure 83. Transmission electron photomicrograph showing
the "pinning" effect of particles on dislocation motion in
the microstructure of plate GFF, with resulting
strengthening as described by the Orowan equation.
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Figure 84. Tranemission electron photomicrograph showing
tho dislocations loops around precipitates in a

microstructure consisting of copper precipitates in a
ferrite matrix.
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Armco iron containing alloy additions in solid solution and

determined the matrix friction stress to be approximately

118 MPa which is in good agreement with the results obtained

earlier [104].

The contribution to strengthening by the various

precipitates should be considered separately because of the

variation in particle strength and distribution. Using the

expression for Orowan strengthening given in equation <22>

to describe the contributions to the yield strength by the

niobium carbonitride and copper precipitates, as well as the

strengthening caused by the larger inclusions yields an

expression for total Orowan strengthening given by:

(To (6.4Xl0-6/LCu)ln(rCu/b) + (6.4Xl10 6/LNbCN)ln(rNbCN/b) +

(6.4X10" 6 /Llg prec)in(rlg prec/b) <39>

where the L and r values are obtained from table 2. The

total. Orowan strengthening can then be determined using the

pythagorean law of superposition proposed by Koppenaal and

Kuhlman-Wilsdorf [105] given by:

2 (YCu2 + ZNbCN2 + Zlg prec2)1/2  <40>

Hornbogen and Staniek [106) found that when precipitate

size exceeded 150 X i0-10 m in Fe-1% Cu alloy, strengthening

was independent of grain size. It 6eeas reasonable to
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assume that grain size strengthening has a negligible effect

in age hardened A710 steels due to the large distribution of

precipitates. The yield strength of the two plates studied

can then be expressed by:

y"- Ti + otal <41>

where:

Ti - 118 MPa for ferrite [103)
b - 2.5 X 10-10 m for ferrite [9]

GFF GGN
rCu - 6 X 10- 9 m 5.5 X 10-9 m

rNbCN - 8 X 10-9 m 9 X 10-9 m
rlg pre - 15 X 109 m 14 X 10-9 m

LCu - 7.7 X 10-8 m 6.5 X 10-8 m
LNbCN - 6.7 X 10-8 m 6.2 X 10-8 m

Llg.pre." 4.4 X 10-7 m 4.2 X 10-7 m

This equation yields the following values for the predicted

yield strengths of the two plates;

TysGFF - 546 MPa

TysGGN - 604 MPa

The measured yield strengths for these two plates are;

(ysGFF - 506 MPa

CysGGN - 593 MPa.

The predicted and empirical yield strengths are in

reasonably close agreement indicating that the primary
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strengthening mechanism for this material is precipitate

strengthening by the Orowan mechanism. The difference in

strength between the two plates is attributed to the

difference in copper and niobium carbonitride precipitation.

Hicrostructure and Toughness

The microstructural parameters affecting strength also

play a major role in the resistance of the material to

fracture, or the materials fracture toughness. Large

precipitates tend to increase strength while having a

detrimental effect on toughness (84-92). The smaller copper

precipitates provide an increase in strength but their

effects on toughness are more complex and not yet fully

understood. A decrease in grain size acts to increase both

strength and toughness.

Fracture toughness is described as the ability of a

material to resist crack growth. Thus, the fracture mode of

a tough material is one of void initiation, growth and

coalescence; a very high energy, relatively slow fracture

mode due to the degree of plastic deformation involved as

the applied stress is absorbed by plastic flow of the

material. Cleavage fracture occurs by the nucleation

of microcracks, caused by local plastic deformation, and the

growth of these cracks under the influence of a local,

concentrated tensile stress ahead of the crack tip that
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exceeds some critical fracture stress [81]. Once a cleavage

crack attains a critical size, it becomes self-propagating as

described by Griffith [62] requiring no more app' >d energy

to sustain crack growth. For this reason cleavage is a low

energy fracture mode.

Studies of fracture in steels [77-81] have shown that

cleavage cracks nucleate at brittle inclusions or particles

as a result of strain localization caused by the deformation

process. The brittle nature of these inclusions allows the

crack to propagate under very little stress, within the

particle, until a boundary is encountered resulting in a

crack nucleus with a length equal to the particle diameter.

Because of the inhomogeneities in the microstructure of most

materials, the crack growth process can then be divided into

two stages; (a) the initial propagation of the crack into

the material immediately surrounding the microcrack nucleus

(i.e. the ferrite surrounding a cracked carbide), and (b)

the propagation of the crack as obstacles, such as grain

boundaries, are encountered. The critical event, i.e. the

event controlling the cleavage fracture process and thus the

cleavage fracture strength of the material, is determined by

which of these two crack propagation stages is the most

difficult to accomplish.

Much of the work to date has described the cleavage

initiation process in age hardenable steels in terma of the
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distribution of critical carbide sizes in front of the crack

tip C81, 84-86, 88-90]. These models describe the

critical event in the cleavage fracture process as the

attainment of a critical stress (that required to fracture a

large carbide) over some characteristic distance in front of

the crack tip. The critical stress required to cause

cleavage failure can then be determined from the carbide

size distribution, average grain size, yield strength,

effective shear stress, friction stress and plastic work

required to fracture ferrite, as described in equation <32>.

The characteristic distance is that which ensures the

presence of a large carbide oriented favorably to the crack

tip such that the crack tip stress field causes brittle

fracture of the carbide.

In very low carbon steels such as those studied in this

work, there are fewer large carbides than in mild and high

carbon steels, and these have large interparticle spacings.

This may account for the fact that many of the cleavage

fracture initiating particles in this study were identified

as other than carbides (nitrides, oxides, sulfides). As the

carbon content of steel is lowered, the importance of other

large, brittle particles in the cleavage crack nucleation

process increases and thus must be considered in models of

the cleavage fracture process.

Subcritical, secondary crack sizes were measured on
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polished and etched surfaces cut perpendicular to the

fracture surface of the fracture toughness specimens. The

range of crack sizes measured is shown in Figure 77. Most

of the secondary cracks were found to have initiated at

ferrite grain boundaries at carbide films or precipitates.

These cracks then extended across the ferrite grain and most

arrested at the ferrite grain boundary. Few crossed into

adjacent ferrite grains suggesting that the crack driving

force was insufficient to cause crack propagation through

the higher energy ferrit4 grain boundaries. This may

explain why no secondary cracks were found to exceed the

maximum grain size measured (41 microns).

Cleavage initiating facets were also characterized with

the results shown in Tables 5 and 6. The cleavage

initiation facets ranged in size from 20 to 75 microns with

plate GGN facets having a larger size range than did those

from plate GFF which is consistent with the larger grain

size of GGN. The cleavage initiation facet size and the

distribution of secondary crack sizes were compared to

determine a critical crack size for cleavage failure. These

results suggest that the critical flaw size for unstable

cleavage failure of these steels is greater than 20 microns

(the smallest initiating facet size measured). This

supports the suggestion by Curry and Knott [84] that for

grain sizes less than 40 microns the critical cleavage event

becomes the propagation of the cleavage crack across ferrite
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grain boundaries instead of across the carbide/ferrite

boundary. Taking this suggestion one step further, in a

non-homogeneous grain sized material such as the weld metal

studied by Armstrong et al. [92], and plate GGN of the

present study, the critical event for cleavage failure

becomes the propagation of a crack across a ferrite grain

boundary in a region of grains large enough to ensure the

attainment of the critical crack size required for self-

propagation. In regions of small grains, more grain

boundaries must be crossed by the crack before it attains

critical size, requiring a larger stress. Crack propagation

across grain boundaries requires more energy due to the high

strain energy density caused by matrix misorientation

between two adjacent grains, while the work required to

propagate a crack through the ferrite grains themselves is

much less [79,80,85].

The distance from the sharp fatigue precrack to the

initiating facet was also measured and found to range from

40 to 500 microns for specimens exhibiting no ductile crack

growth prior to unstable cleavage failure, to over 5000

microns for specimens that did exhibit stable ductile crack

growth prior to cleavage failure. This distance was smaller

on average for specimens from plate GGN indicating that the

probability that a crack will attain the critical size for

self-propagation is greater in this non-homogeneous grain
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sized material. No-"characteristic" distance for cleavage

initiation was identified in either plate from the

measurements of the cleavage initiation site from the

growing ductile crack, or the sharp crack. These

measurements seemed to be independent of both test

temperature fracture toughness values.

The proposed model describes the unstable

cleavage fracture process of this steel as: cracks

nucleate at large particle and matrix boundaries due to the

strain localization that arises when these incoherent

particles act as barriers to dislocation glide. The cracks

quickly grow to a length equal to the diameter of the

brittle particle, which provides little resistance to crack

growth. The cracks then propagate into the ferrite matrix

under the driving force of the localized strain and are

arrested by high energy ferrite grain boundaries. (This

step of the model is supported by the presence of a large

number of subcritical, secondary, grain sized cracks

adjacent to the primary crack in the specimens tested.)

When the intensification of the tensile stress distribution

in front of the ductile crack tip or notch, due to the

applied load is sufficiently high and when it encompasses a

grain sized crack of critical length under that stress, all

of the conditions are met for unstable cleavage failure.

Using this model, the lower toughness of plate GGN
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.is explained by: (a) the stress intensification ahead of the

crack tip is larger in plate GGN than in plate GFF specimens

under a given load due to the higher yield stress cf this

plate, and (b) plate GGN contains a higher volume fraction

of large grain sized flaws (due to the higher fraction of

large qrains) which can become critical and propagate at

lower stresses than those in plate GFF. This model suggests

that not only is a small grain size important for high

strength and good fracture toughneas but also stresses the

importance of a homogenized grain size for inhibiting

cleavage fracture propagation.

MECHANISMS OF LONGITUDINAL CRACKING IN TENSILE SPECIMENS

Longitudinal cracking in steels has been described by

several researchers in both fracture toughness specimens

[100,101,103,107-114] and in tensile specimens

[109,110,112,114-116]. This phenomena has been attributed

to many microstructural features including rolling texture,

elongated inclusions, aligned carbide planes, and prior

austenite and deformed ferrite grain boundaries. Most of

the studies using impact toughness specimens have noted that

longitudinal cracking, also called splitting and

delamination in these studies, has only been observed in the

ductile-brittle transition temperature region but little

information has been put forth to explain this phenomena.

In the present study longitudinal cracking was not
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observed on any of the impact, or quasi-static toughness

specimens, but was observed on all tensile specimens except

for those tested at the highest temperatures. These results

indicate that longitudinal cracking is also a transition

fracture phenomena in tensile specimens. The fact that

other researchers have not discussed tensile specimen

splitting as a transition phenomena may be due to the fact

that only room temperature tensile testing was conducted

[109,110,112,114-116]. Most of these studies attributed the

terndency for splitting to rolling texture and precipitation,

and noted that normalizing [109,110,1163 and either no aging

treatment, or overaging [109-116) inhibited the occurence of

splitting. While it was noted in these studies that these

treatments also decreased 'the impact transition

temperatures, these results were not directly related to the

lack of observed splitting. Since it has been noted in the

present study that splitting is also a transition phenomena

in tensile specimens, it is suggested that the processing

and composition changes identified in the previous studies

depressed the tensile transition temperature such that room

temperature tensile properties and fracture mode exhibited

upper shelf behavior. That these same processing parameter

changes were also found to inhibit splitting in impact

specimens is not explained in this study except to note that

splitting was not observed in longitudinal impact specimens

in this study either. If splitting is a strain controlled
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phenomena, an will be described later, and the amount of

strain is strain rate dependent, then impavt loading may

inhibit splitting in non-textured specimens.

Microstructural analysis of both plate materials in

this study included neutron pole figures which were done at

the National Bureau of Standards [117]. Neither plate

exhibited any notable texturing which is probably due to the

reaustenitizing, quench, and aging treatment received

subsequent to rolling as well as to the high finishing

temperature used in the rolling process (above the ferrite

transformation temperature). Optical photomicrographs did

show slight elongation of the ferrite grains in the

direction of rolling, Figures 11 and 12, and plate GGN

exhibited a dual grain size distribution with a slight

alignment of planes of large grains in the rolling

direction. Both of these microstructural features have been

associated with splitting [108-110,112-114] since they were

identified with preferrential distribution of carbides, or

high carbon microstructures in the rolling direction.

The fracture mode observed in the tensile specimens at

all but the lowest temperatures was microvoid coalescence.

Voids or transverse cracks were also observed at the center

of the necked region on the face of the longitudinal cracks

at the lowest temperatures as shown in figures 38 and 55 by

the interrupted cleavage facets in this region. Microvoid
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coalescence and ductile tearing were also the modes of

failure in the longitudinal cracks except at the lowest test

temperatures where cleavage facets, which followed the

deformation pattern of the grains, were observed. This

observance of a ductile failure mode in the longitudinal

cracks conflicts with most of the studies mentioned above.

DeArdo [1143 concluded that because two different modes of

failure were observed (ductile void coalescence on the

transverse fracture surfaces and brittle failure on the

longitudinal crack surfaces) that two separate failure

mechanisms were involved. Schofield et al.[112] noted, on

the other hand, that the ductile-brittle transition

temperature was orientation dependent for their impact

specimens which may explain why the longitudinal and final

transverse fracture modes vary in tensile specimens.

The fact that all of the tensile specimens tested in

this study exhibited a considerable amount of necking

indicates that longitudinal cracking did not occur until well

after the onset of necking and introduction of a triaxial

stress state. Because of this, Baldi and Buzzichelli [101]

suggested a critical tensile stress criterion for

longitudinal cracking. However, the study done by Hicho et

al. (116) on notched tensile specimens showed that the onset

of stress triaxiality caused by necking, by itself, could not

cause longitudinal cracking, but that a critical strain was
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required to initiate voids that were then propagated in the

longitudinal direction by the transverse stresses introduced

by neckingb

The idea of a critical strain, when coupled with the

theories of both DeArdo [114] and Hero at al. [1133 that

higher density planes of carbides exist in the rolling

(longitudinal) direction and act as void initiation sites in

microalloyed steels, can be used to explain the mechanisms

of longitudinal cracking observed in the tensile specimens

of both plates GGN and GFF.

The specimens tested in this study exhibited the

typical ductile-rui.ture, cup-and-cone type of fracture

common for upper-shelf behavior at room temperature or

slightly above. In this mode, voids initiate at particles

at the center volume of the tensile specimen gage section

after the utlimate tensile stress has been exceeded due to

strain localization. As loading continues the void density

increases and voids grow in size until only thin ligaments

remain separating the voids. Fracture occurs when these

ligaments rupture [118].

The materials used in this study were observed to have

a higher density of aligned carbide precipitates in the

longitudinal direction. The actual precipitate densities

in the three plate directions were not measured in this

study but differences are inferred from the slight grain
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shape differences apparent in the optical photomicrographs.

Higher density carbide distribution in a particular plate

direction has been described by Embury and Cooper [109) as

due to the formation of low carbon ferrite at deformed

austenite grain boundaries on transformation and the

subsequent rejection of carbon towards the centers of the

prior austenite grains resulting in coplanar arrays of

carbide precipitates. If these carbides act as sites for

void initiation, it would be expected that the density

of voids might be slightly higher along those planes of

carbides in the longitudinal direction.

In the upper transition region the longitudinal cracks

were not observed to originate at the center of the tensile

specimens. Instead there was a small region of mode one

dimples at the center with the longitudinal cracks radiating

outward from there. This indicates that the longitudinal

cracks did not propagate until after this central void

region had coalesced into one large void which suggests a

critical strain criteria for longitudinal crack formation.

As the test temperature was decreased, the longitudinal

cracks originated closer to the center until the cracks

initiated at the center. Even at these temperatures void

coalescence was still the failure mode at the center of the

specimen and the final transverse fracture occurred at the

center of the necked region suggesting that the longitudinal
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cracks were not enough to relieve longitudinal stresses.

At the lowest temperatures tested, voids initiated at

the center volume of the tensile specimens at precipitates

but, once necking had reached a point such that the induced

transverse stresses exceeded the transverse fracture stress,

the longitudinal cracks propagated in a cleavage mode until

outside the necked region. Material outside the neck which

had little or no prior strain history then deformed to relax

the stresses and arrest the crack. At this point in the

fracture process the two halves of the fracture specimen

necked region are once again in a plane stress regime and

final fracture occured outside of the necked region with

cleavage initiating at the point of longitudinal crack

arrest.

Bridgeman [99] and other investigators [119,112] have

studied the stress state caused by necking in a tensile

specimen. From these studies equations have been put forth

which quantify the tangential and radial stresses induced by

the curvature at the neck under the influence of the applied

load. These stresses are given by:

a w"Crt - fGln(I + 1/2(a/r)) <42>

where Tr is the radial stress, 0t is the transverse stress,

a' is the fracture stress, a is the radius of the gage

section at the neck and R is the radius of curvature of the
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neck. Using this equation it was determined that the radial

stresses just prior to final fracture in the specimens in

this study ranged from 480 MPa at room temperature to

580 MPa at the lowest test temperatures. These stresses

do not exceed the transverse tensile stresses as measured on

transverse specimens and shown in Table 3 but may be large

enough to cause void coalescence in the longitudinal

direction in strain hardened material. It is assumed hore

that the transverse tensile properties vary with temperature

in a manner similar to longitudinal properties since

transverse properties were only measured at room

temperature. It is known from the transverse tensile tests

that ductility is reduced in the transverse direction. This

is supported by other researchers [112-114) who found

decreased ductility in through thickness specimens which

they attributed to the difference in precipitate density.

The mechanism of longitudinal cracking in tensile

specimens is presented as:

(1) Voids initiate at carbides and other large particles in
the center volume of the gage section due to strain
localization.

(2) Necking begins causing the initiation of tangential
stresses which have a radial (or transverse) component.

(3) Void formation is more dense in the longitudinal
direction due to the high density of carbides which act
as initiation sites resulting in void arrays in the
longitudinal direction.

(4) The induced transverse stresses in the necked region
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drive void coalescence in the longitudinal direction*
until these stresses fall to zero outside the neck, or
until longitudinal crack growth relieves the transverse
stresses.

(5) Crack propagation proceeds in the transverse direction
until final fracture occurs.

This study has identified longitudinal cracking as a

transition phenomena in tensile specimens and has shown that

longitudinal cracking may be seen in tensile specimens even

when none is observed in impact or quasi-static toughness

specimens. Because of this characterization, it is necessary

to study the full transition properties of both toughness

and tensile specimens when characterizing the effects of

processing and compositional changes on mechanical

properties.
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CONCLUSIONS

The conclusions of this study are:

(1) The strength of microalloyed steels can be reasonably

predicted using the classical models, assuming that the

effects of precipitatioi tye additive using the pythagorean

superposition rule. Strengthening due to grain size was

found to be negligible in comparison to the strengthening

contribution of the large distribution of both copper and

niobium carbonitride precipitates.

(2) The critical event in the cleavage fracture process

controlling toughness in low carbon, low alloy steels is the

attainment of a critical stress in front of the crack tip

which ensures propagation of a microcrack initiated at a

large particle, through the ferrite grain surrouniing the

particle and into the adjacent ferrite grain. A weakest

link statistical modelling approach to describing the

fracture toughness of this material must consider the

distribution of large precipitates necessary for crack

nucleation in conjunction with regions of large grains

which increase the probability of crack propagation to a

critical size.

(3) Longitudinal cracking in tensile specimens is a

transition phenomena with a mechanism consisting of

competing critical strain and critical stress criteria. A
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large amount of strain is necessary to ensure crack or void

initiation along high density, longitudinal planes of

carbide precipitates. A large amount of strain also

ensures that necking will proceed until the critical

transverse stresses can be induced which cause crack

propagation in the longitudinal direction prior to

transverse crack propagation.

(4) From a detailed microstructural and fractographic

analysis of the two plate materials the differences in

strength were mainly attributed to the difference in copper

and niobium carbonitride precipitate distribution with the

higher strength properties found in the plate with the

highest volume fraction of both precipitates. The

differences in fracture toughness as measured by the

fracture appearance transition temperature (FATT) and

ductile-brittle transition temperature (DBTT) was

attributed to the difference in grain size distribution with

the lower toughness exhibited by the plate with a non-

homogeneous grain size distribution (higher volume fraction

of large grains).
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SUGGESTED WORK

More work is required to fully understand the

longitudinal cracking phenomena in high strength, low alloy

steels. A full characterization of the tensile and impact

properties in all three plate directions, as well as more

detailed study of the miorostructural elements involved,

would eliminate the need for the assumptions made in this

paper.

It is also necessary to gain a better understanding of

the effects of copper precipitation on fracture toughness.
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