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ABSTRACT
Under certain conditions, alpha-beta titanium alloys can
show severely reduced high-temperature ductility. These
conditions consist of loading in tension during cooling from a
thermal excursion to above the beta transus. A model for this
behavior. which relates the ductility loss to the volumetric
incompatibility between the beta and alpha lattices during the
beta to alpha transformation, has been previously proposed.
This model was developed and investigated as part of an overall
investigation of the ductility loss with respect to several
metallurgical variables. It was found that the high-
temperature ductility loss is ubiquitous in alpha-beta titanium
alloys, but could not be directly related to lattice
incompatibility. It was instead found that the ductility loss
resulted from gross localized deformation within a particular

s
Ftopqor .

micrgg§ructural component, lamellar Widmanstatten colonies.
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However, the relationship between the colony microconstituent
and ductility was found to exist only at high temperature,
indicating that the deformation characteristics of the material

changed with temperature,.
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p STATEMENT OF PROBLEM -y
S
-
J‘_:J'-
Titanium and its alloys are attractive structural }&
i)
+ mate 1als because of their high specific strength, elevated- S
LAY
temperature capabilities, and inherent corrosion resistance. :j(
n..&
-~ A
Titanium alloys have densities in the range of 4-5 g/cc ::~g
P o™
L compared to 2.70 and 7.87 g/cc for aluminum and {ron, "
»
»
respectively. Titanium alloys typically have tensile ;yﬁf
o £
strengths of 80-300 ksi, roughly spanning the range of (’é
7 )
strengths available in commercial steels and aluminum o
alloys. The melting point of titanium is 1668°C, above that ﬁ%“
"
of iron and aluminum, and its modulus of elasticity is 16.8 D,
I $a% |
X 106 psi, midway between the values for aluminum and iron ®
~EYH
~

T

(1). The high specific properties of alpha-beta and beta

ol

»

1" !
titanium alloys have led to their extensive use in the h4§
aerospace industry. Unalloyed titanium and alpha titanium Y

\'.'
alloys have been and are being increasingly used in the food :;;

’

Lo
and chemical industries due to their excellent corrosion pQ

.¢I

Aat
resistance. ®

239

Two classes of titanium alloys, near-alpha and alpha- i\4

COON

AR
beta alloys, can be used to great advantage in marine LS:

RS
environments. Good corrosion and stress corrosion cracking ®

-

v

)
resistance in salt water environments combined with high ﬁﬁ?

o
specific strength and rigidity make these classes of i}

N
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titanium alloys promising for such applications (3).
However, the use of these alloys in any structural capacity
requires that they be fabricated by processes such as hot
rolling, forging, and welding, processes which involve a
combination of stress and exposure to elevated temperatures.
Certain alpha-beta and near-alpha alloys have proven to be
susceptible to low-ductility failure under these conditions.
This phenomenon has been named and will be referred to as
the hot ductility dip. Two common manifestations of this
phenomenon are edge cracking during hot rolling and weld
cracking (4,5).

Lewis and Caplan experimentally isolated and identified
this behavior using Gleeble simulation of GTAW thermal
cycles, Figure 1.1 (6). They found that Ti-6A1-4V (Ti-64),
Ti-6Al1-2Nb-1Ta-0.8Mo0 (Ti-6211), and Ti-6A) suffered severe
drops in ductility when tensile tested at approximately
800°C. This ductility 1oss only occured on cooling
following @ thermal excursion above the beta transus or on
heating during a subsequent thermal cycle. Ti-3A1-2.5V and
unalloyed titanium had 1ittle or no ductility loss,
indicating that the hot ductility dip is a function of alloy
content. The efficient utilization of these alloys requires
that this loss of high~temperature ductility be

characterized, and that its causes be defimed in terms of
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Figure 1.1 High temperature ductility behavior of several
titanium alloys showing severe ductility loss
in alloys containing 6% aluminum (6).
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traditional metallurgical principles so that it can be

eliminated. Q;
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INTRODUCTION 2§Q
)
Nk
The introduction of this thesis is designed to function i&:
b as an overview of the physical metallurgy of titanium alloys Ly
. §
L} .,

in general, and of alpha-~-beta alloys in particular. This N

Lﬂp
L section will consist of three parts. The first sub-section ehah’;
(6.8 §.t

will outline the classification of titanium alloys and .‘
Mol

describe the general characteristic of each of the major bf

-~

classes of titanium alloys. The second sub~section will P,

discuss the relationships between phase stability, heat r:ﬁ
treatment, and microstructures in alpha-beta and near-alpha 53&5
alloys. The third sub-section contains a brief review of EEQ
several investigations into the microstructure-property -§¢
relationships in alpha-beta and near-alpha alloys. ;Aé
o

;".n.'

2.1 General Characteristics of Titanium Alloys Egi-

The physical metallurgy of titanium and titanium alloys Iﬁi\

is dominated by the allotropic phase transformation between ;?;
the bcc beta phase which is stable at high temperatures and ;?;
one or more phases which exist at lower temperatures. Under Eif
equllibrium conditions, titanium transforms on cooling from Eﬁ?
bcc beta to hcp alpha (c/a = 1.587) at 883°C. Titanium may %
also undergo a displacive transformation during rapid Eg'

cooling to form hexagonal alpha’ martensite (1). b:
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2.1.1 Alloy Additions and Alloy Classification

Alloying additions to titanium are classified on the
basis of their effect on the stability of either the alpha
or beta phase. Aluminum, gallium, germanium, and the
interstitials oxygen, carbon and nitrogen stabilize the
alpha phase. A schematic binary pbhase diagram for an alipha-
stabilized system is shown in Figure 2.1. Zirconium, tin,
and hafnium act primarily as weak alpha stabilizers, but in
some cases can be either neutral or weak beta stabilizers
depending on the other alloying elements present. Vanadium,
molybdenum, tantalum, niobium, chromium, silicon, copper,
manganese, cobalt, iron, and hydrogen all act to stabilize
the beta phase. Of these, vanadium, tantalum, niobium, and
molybdenum are beta-isomorphous elements. Chromium,
silicon, copper, manganese, cobalt, iron, and hydrogen are
all eutectic formers. A schematic binary phase diagram of a
beta-stabilized system is shown in Figure 3 (1, 7).

Titanium alloys are classified as either alpha, near-alipha,
alpha-beta, or (metastable) beta alloys, depending on the
phases present at room temperature when the ailloy is in its

fFinal form.

2.1.2 Alpha Alloys

Alpha alloys, either unalloyed titanium or binary

alloys of titanium and aluminum, tin, or palladium, contain
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Figure 2.1 Schematic binary phase diagram for an alpba-
stabilized titanium alloy system, showing
elevation of the beta transus temperature with
increasing alloy addition.
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Figure 2.2

TR

% ALLOYING ELEMENT

Schematic binary phase diagram for a beta-
stabilized titanium alloy system, showing
decreasing beta transus temperature with
increasing alloy addition.
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essentially no beta at room temperature. The phases present
will be hcp alpha, hexagonal alpha’ martensite which can be
created by a sufficiently rapid cooling rate, and, at high
altuminum or interstitial contents, ordered alpha 2 (TisAl).
Unalloyed titanium properties are controlied by the
interstitial content, with additions of oxygen, carbon, and
nitrogen increasing the strength of titanium while reducing
the ductility. The strengthening effect of the
interstitital elements is frequently expressed as an oxygen
equivalent:

Oeq = %20 + 2(%N) + 0.867(%C)
where each 0.1% O equivalent increases the tensile strength
of unalloyed titanium by approximately 7.5 ksi (1).

In other alpha alloys, aluminum is the primary addition
because it both reduces the density and increases the
strength of the alloy. The aluminum content is limited to
approximately 5-6 atomic percent to avoid the formation of
alpha 2, which can lead to severe embrittlement and reduced
fatigue properties. When considering the formation of alpha
2, alpha-stabilizing elements are included in an aluminum

equivalent:

Aleq = %Al + %5n/3 + %Zr/6 + 10(720)
where the Al equivalent must be less than 9% to avoid the
formation of alpha 2. This expression illustrates why tin
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and zirconium are frequently added to alpha and alpha-beta .:

I..&
alloys in place of aluminum or oxygen. Alpha alloys *u
"
typically have tensile strengths from 50 ksi for relatively sﬁ?
Lhy!

pure titanfum to 125 ksi for Ti-5A1-2.5Sn, and ductilities o
L5 -‘.‘ .

of approximately 407-507 reduction in area. These alloys bﬂb
LSt

]
are formable, weldable, perform well from cryogenic ?\.
My

temperatures to approximately 550°C, and have good corrosion oy
IS

YAKY

resistance. They are primarily used in the chemical, food, ;g&
b g
medical, and petroleum industries because of their corrosion ’ﬁ?
resistance (1, 8). ﬁ?*
i

1-;-1*‘

2.1.3 Near-Alpha Alloys o
o

Near-alpha alloys contain sufficient amounts of beta- :_ﬂ

9o

stabilizing elements to retain a small amount of beta at D%

I

o

~om temperature, typically less than 10% (7). Two common

e

rear—-alpha alloys are Ti-=-6211 and Ti-8Al1-1Mo-1V (Ti=-811).

L a

L

Near-alpha alloys have good strength and toughness, good

:221
corrosion resistance, high resistance to creep, and are ﬁi,
weldable. Near-alpha alloys have tensile strengths in the :h:
range of 140 ksi, and ductilities of approximately 307 g%
reduction in area. Typical applications for these alloys Eﬁ:

~
are aircraft engine components and airframes. The excellent %ii
salt-water corrosion resistance and stress corrosion s:

N
cracking resistance of Ti-621]1 has led to its use in marine ;ﬁ
applications (1,2). The deep-~submergence vehicle used in 53.
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h the recent exploration of the HMS Titanic, the Alvin, used

Ti-6211 as the material for its hull (2).

2.1.4 Alpha—-Beta Allovys

Alpha-beta alloys retain 10%-50% beta at room
temperature. In addition to the phases present in near-
alpha alloys, heavily stabilized alpha-beta alloys can
contain an orthorhombic martensite, alpha". Ti-64, the most
widely used titanium alloy, is an alpha-beta alloy. These
alloys have higher strengths but inferior corrosion
resistance than do alpha and near—-alpha alloys, and are are
slightly heat-treatable. Both the strength and response to
heat treatment of these alloys increases with increasing
levels of beta stabilization, and the weldability and
corrosion resistance decrease. Approximately 207 retained
beta is usually considered to be the limit for weldability
of alpha-beta alloys (7). These alloys have tensile
strengths of approximctely 140 ksi and about 307% reduction
in area. Alpha-beta alloys continue to be the most commonly
used alloys for structural applications in the aerospace
industry, where they are used primarily for their high

specific strength and stiffness (1, 2, 9, 10).
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2.1.5 Metastable Beta Alloys

Metastable beta alioys, often called beta alloys,
retain 100% beta when guenched to room temperature. These
alloys have sufficient beta stabilizer content to suppress
the martensite start temperature to below room temperature,
shown schematically in Figure 3 (7, 11). Reported minimum
solute levels for 100% beta retention with an ice water
quench are 15 atomic 5 for vanadium, tantalum, and niobium,
and 7 atomic S for molybdenum (7). After quenching, these
alloys can be aged to precipitate various transition phases
and/or alpha. The fine dispersion of second-phase particles
produced by aging give these alloys very high strengths but
limited ductility. In the solution treated and aged
condition, tensile strengths of greater than 200 ksi are
typical. Metastable beta alloys include Ti-i3v-1ICr-3Al,
Ti-8Mo-8V-2Fe-3A1, and Ti-11.5Mo-62r-4.55n. The first
significant use of a metastable beta alloy was for airframe
components in the Lockheed SR-71 "Blackbird”™ (11). Because
of their formability in the "as-quenched" condition and very
high strengths after aging, metastable beta alloys are now
replacing alpha-beta alloys in structural aerospace

applications (1, 10, 11).
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2.2 Microstructures in Alpha-Beta Alloys

The factors used to define microstructures in near-

alpha and alpha-beta alloys include the size and shape of

the prior beta grain size, and the phases and morphologies
present in the transformation structure. In addition to
alloy content, these microstructures are controlled by the
structure present prior to the beta to alpha transformation,
and the rate at which the transformation occurs. These
factors will be briefly discussed below. Because of the

importance of the alpha-beta interface, the work describing

TN AT
PP @ Al
5**. NN DS

the existence and characteristics of the interface phase

Y Te W
g

. 5
’9

phase will be reviewed as a separate sub-section.

;QOEE}

%5
Z

2.2.1 Prior Beta Grain Shape

Two possible prior beta structures exist. Material

., 14 X
?-}-'-

that is beta-processed will have a prior beta grain

o

%l

structure which reflects the processing structure. For

L 4

example, in a material that was hot rolled in the one-phase
beta region, the prior beta grains will be elongated in the
rolling direction. An equiaxed prior beta grain structure

results from thermally cycling to temperatures above the

beta transus, either as an annealing operation or as a

result of an elevated-temperature fabrication process such

A .(,x','-;a ®
: "‘ DS s

as welding (2). Material that has been annealed at a

PR s
r*x{r‘l'

temperature below the beta transus will contain a
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combination of equiaxed alpha and primary alpha and beta

which refltect the thermal history of the material (12).

2.2.2 Transformation Rate

The rate at which the beta to alpha transformation
proceeds will determine the structure of the transformation
products. Usually allotriomorphic alpha is present at the
prior beta grain boundaries (2, 12). A very slow cool will
result in the creation of a coarse Widmanstatten colony
structure. As the cooling rate increases, the colony
structure is replaced in the center of the prior beta grains
by a fine Widmanstatten basketweave structure. Further
increases in cooling rate refine and increase the amount of
the basketweave structure. With sufficiently rapid cooling,
the nucleation and growth transformation can be avoided,
resulting in a structure consisting of alpha’ martensite
(1,2). These structures are created by the cooling rates
usually seen in fabrication processes, for example, in the
fusion and heat-affected zones of weldments (13). Examples
of these structures are shown in Figure 2.3, micrographs of
Ti-6A1-2Mo. These microstructures will be discussed in far
more detail when the alloys used in this investigation are
described.

A significant microstructural constituent in near-alpha

alloys with high aluminum contents, for example Ti-8l1, is
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Figure 2.3 Micrographs of Ti-6A)-4V. As cooling rate
increases, structure changes from
Widmanstatten colonies (a8), to basketweave
alpha plus beta and martensite (c).
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ordered alpha 2, or Ti3AI. Alpha 2 appears during extended
exposure to temperatures near 500°C and occasionally in
material which has been very slowly cooled. This phase fis
significant because it is associated with intense planar
slip and deleterious effects on fatigue properties,
ductility, and fracture toughness (1, 14). Alpha 2 has been
observed in Ti-6211, but not under conditions associated
with standard production or fabrication technigques. In
alloys where alpha 2 does commonly occur, it is usually
eliminated by the use of a duplex anneal. This consists of
reheating the furnace-cooled material to high in the alpha
plus beta phase field and air-cooling, creating a disordered
alpha structure with enhanced ductility and impact

resistance (2).

2.2.3 Alpha-Beta Interface Phase

Several researchers have noted the existence of a third
phase at the alpha-beta interface in two-phase alloys (15-
22). The interface phase is of particular interest in this
investigation because the crack nucleation and propagation
associated with the low—ductility failures occurs at the
alpha-beta interface. Two distinct structures have been
observed in the interface phase, fcc with either a striated
or monolythic substructure, (15-19), and hcp with a striated

substructure (16-19). Both phases occur in a wide range of
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alloys t?i
The hcp interface phase has also been type 2 alpha. fﬁi
)
¢
This phase is twin~related to type 1, or alpha which is ny
), Al
itself crystallographically oriented with the parent beta o
L)
%, 4
phase. The type 2 alpha is twin-related to the type | alpha #$
!"'.
with either a {1012} or {1101} twin plane. This structure N'?
4’!.
has been observed in alpha-beta alloys which have been @
L] ;
u,
furnace or air cooled from the beta field, and in metastable ¢T'
iy
beta alloys which have been aged. In both instances, the Nﬁ:
v
NN
formation of the interface phase seems to be related to the 9
0
precipitation of aipha from beta. The type 2 alpha is oy
L' W
¢
believed to be more thermodynamically stable than type | :ﬁg
alpha (18). 9
f.‘
Two alternate theories exist to explain the formation ﬁ R
X
P!
of the hcp interface phase. One, favored by Rhodes and ﬁz'
A'f‘ Ay
Williams, is that the layer grows by nucleation and growth _®
~NG
> !
driven by a chemical potential differernce (18). The second ;ﬁv
_-"__\
theory, favored by Margolin, et.al. (17), is that type 2 :SA
)
alpha results from mechanical twinning to reiieve the stress @
A
produced by the lattice incompatibility of the :?:-
.':\
transformation. This model is supported by the fact that ﬁf“
Y
the plane by which the two types of alpha are related _gﬂ
&
P
changes as a function of alloy composition. The twinning ;{A
.r,:.»
model is also consistent with the observation that different }{
'-"‘:" J
oy
:‘!"- )
@
-
-I':-P
} -‘\n'
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twinning modes occur in titanium depending on the direction
of the stresses imposed on the hcp unit cell (15-18).

The fcc interface phase occasionally appears In near-
alpha alloys as well, but is usually associated with slower
cools than the hcp interface phase (15). The fcc interface
phase has not been reported to occur under isothermal
transformation conditions (14). Two theories exist for the
growth of this phase as well., The first is that a
compositional gradient in vanadium (or another slow-
diffusing element) promotes the nucleation and growth of the
fcc layer. The alternate theory is that the fcc layer grows
in response to the strains created by a volumetric expansion
involved in the beta to alpha transformation. This
expansion puts the growing alpha in compression, promoting
the growth of the more dense fcc layer (14,16).

More recent investigations of the interface phase have
suggested that both the hcp and fcc versions are artifacts
due to specimen preparation. This conclusion had been
reported earlier in the case of the hcp interface phase,
because it was only observed in thin foil specimens. Isaac
and Hammond (23) have proposed that this is because type 2
alpha, which they agree forms to relieve the lattice
incompatibility between the beta and alpha phases, can only

form when the constraints imposed by bulk specimens are
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relieved. Banerjee, Rhodes, and Williams (24) have
investigated the effect of beta phase composition on the
occurrence of both types of {nterface phase. These
researchers have proposed that the relative hydrogen content
of the material, which is affected by specimen type and
preparation techniques, is the cause of the interface phase

and controis what form of interface phase occurs.

2.3 Mechanical Property/Microstructure Correlations

This section will be divided into three parts. The
first is a very general description of microstructure-~
property relationships in near—-alpha alloys, and the second,
the review expanded to alpha-beta alloys. The third
subsection is a brief review of work done relating the
microstructures and failure modes and mechanisms in alpha,

near-alpha, and alpha-beta alloys.

2.3.1 Near—-Alpha Alloys

In the absence of alpha 2, the room-temperature
mechanical properties of near-alpha alloys are relatively
insensitive to microstructural changes. For the same prior
beta and alpha grain sizes, equiaxed alpha, Widmanstatten
plus grain boundary alpha, and alpha’ martensite all have
essentially the same strength (25). The differences that do

exist are, for the most part, attributable to grain
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o refinement. For example, alpha’ is slightly stronger than .'
either Widmanstatten or equiaxed alpha, 5%-10% in the case E

of Ti-6211, because of the grain refinement and higher x‘:':‘

e dislocation density resulting from the displacive .
transformation. Also, for a given prior beta grain size, E

equiaxed microstructures will usually have slightly higher :-:‘5

-,

o strengths than Widmanstatten microstructures. This is ;
because the alpha grain size in an equiaxed structure is :""

usually smaller than the Widmanstatten colony size in a '-

o

¢ Widmanstatten structure. ;
In addition to grain size strengthening, grain )‘:
refinement results in shorter slip path lengths, reduced

o stress concentration at dislocation pile ups, and a reduced ',
tendency to form microvoids. As a result, the ductility, :.E

g

resistance to fatigue crack initiation, and low cycle ;:f:;

® fatigue performance of equiaxed microstructures are better ;
than those of Widmanstatten microstructures. Widmanstatten :

structures, however, will generally have greater fracture :

L toughness, due to the more tortuous crack path created by ,’
the thick, randomly oriented alpha plates. Optimum :"‘
microstructures can be created f r particular applications f_\'

¢ by the use of thermal treatments designed to produce a g
combination of equiaxed alpha, coarse acicular alpha, and E,:

fine Widmanstatten alpha plus beta (15). E:E
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2.3.2 Alpha-Beta Alloys

The same general relationships between slip path length
and tensile, fatigue, and fracture properties apply to
alpha-beta alloys. However, the greater amount of beta
retained makes alpha-beta alloys slightly stronger than
alpha or near-alpha alloys. The bcc structure of beta has a3
large number of active slip systems. In the beta,
dislocations can cross-slip and create dense dislocation
tangles which restrict further dislocation motion. This
permits the beta phase to be used as a strengthener when
contained in an alpha matrix (27). Additionally, not only
will more beta be retained at room temperature in more
heavily stabilized alloys, the beta will be stronger than
that retained in leaner alloys I, 2). A second difference
when compared to near-alpha alloys is the greater degree of
variability available with alpha-beta alloys due to the
increased beta-stabilizer content; One result of this is
that alpha-beta aliloys are somewhat heat-treatable.
Depending on the temperature prior to guenching, either
alpha’ or metastable beta can be retained at room
temperature, Figure 3. Either will be supersaturated in
beta-stabilizing elements and can be aged to precipitate
fine beta, alpha, or transition phase particlies, resulting

in an further increases in strength.
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2.3.3 Microstructure-Failure Mode Relationships

The relationship between microstructure and fracture
modes at room temperature has been the subject of many
investigations (25-36). Both transgranular and
intergranular fracture modes have been observed in near-
alpha and alpha-beta alloys. As was noted earlier, eqguiaxed
microstructures usually have greater tensile ductility and
greater resistance to void nucieation. Widmanstatten plus
grain boundary alilpha microstructures, on the other hand,
usually have greater fracture toughness and resistance to
fatigue crack propagation.

Past investigations have shown that tensile failure of
near—-alpha and alpha-beta titanium alloys occurs by
microvoid nucleation, followed by coalescence and/or growth.
The fracture behavior of these alloys is usually analyzed in
terms of slip character and slip path length (30, 31).

These investigations generally have taken one of two
approaches. The first is to attempt to derive an overall
fracture criteria, either a critical stress or strain, based
directly on microstructural considerations. The second
approach is to examine the actual nucleation and growth of
voids and to attempt to characterize these parameters with
respect to the microstructures present. The following

review will be divided along these lines.
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P 2.3.3.1 Qverall Fracture Models One area where ,é.
| investigators have had reasonable success with the ‘§i
-
development of overall fracture criteria is with alloys }MJ

b where the aluminum content is sufficiently high to cause the o
formation of alpha 2, TisAl. Although alpha 2 is usually ?'?
seen in alpha and lean alpha-beta alloys, investigators have gif
L reported it in aged Ti~64 (37) and Ti-62!1 (38). When alpha "
2 is present intense slip bands can form when the particles ﬁy;
are sheared because of the local softening and continued gﬁi
P dislocation motion on these planes. In this case, ductility :!;
and fracture mode are controlled by the planarity of slip gﬁq
and the slip path length (31. 39, 40). Eﬂ-‘:

Lut jering, et.al. (31) conducted investigations ji
quantitatively relating the concepts of planarity of silip fb;
and slip path length to fracture strength and ductility. é;;
n - {

This investigation used Ti-8Al processed to create different
alpha grain sizes and different levels of alpha 2 formation.
The results of this study showed excellent correlation
between observed mechanical properties and those predicted
using a calculation of stress concentrations based on TEM
observations of dislocation pileups and slip band spacing.
It was found that a critical local stress was required for
fracture, and that this stress was constant for all of the

material investigated. The conclusion of this study was
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It
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&F‘
P
P that this critical stress could be reacnedq by a combination ‘:,
! i
| .
; of externally applied lcad and stress concentration due to g&
L microstructural considerations (31). A similar };
investigation was performed by Gysler, et.al. (41) on Ti-Mo *“
YL‘-I.‘
alloys, metastable beta alloys into which a fine dispersion :%g
of w had been introduced by aging. These alloys showed a ﬁj:
20N
b similar dependence on planarity of slip and slip path .
?r,
length. R\;
N
Although these investigations dealt with particle )
* hardened systems which were extremely susceptible to planar -?_
f‘;{'
» o
slip, the overall approach is equally applicable to alpha- 4ﬁ$
o,
)
beta alloys provided their slip character is understood. ﬁ”
One example of this is a relationship developed by ;;L‘
o)
Greenfield and Margolin (29). Based on an analysis of Ti- Sﬂﬁ
afn
o
5.25A1-5.5V~-0.9Fe~0.5Cu that had been solution treated, :{‘
quenched, and aged to produce an equiaxed microstructure, ‘!,
S
the fracture strength along the tensile axis was predicted 'k;‘
e
I8
by the following expression: gﬁ;
- ~1/2 -1/2 -1/2 o
o = 9, + Kdd + ka + KDd NS
I
S = the fracture stress, corrected for necking e
§}\
d = the equiaxed alpha traverse particle diameter ;q:
A = the mean free path between alpha particles Pe
r,..{
D = beta matrix grain diameter ‘R§
LIS
og* Kd' KD' Kx are constants. }ﬁ!
]
¢
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2.3.3.2 Void Nucleation Several investigations have o

been made of void nucleation and growth and how they relate LN

to microstructural considerations (26-36). One model for )

®
LS

the nucleation of microvoids, based on an earlier single

~
phase model by Cotrell (42), has been proposed by Greenfield Ej
>
and Margolin (28). They found that in equiaxed alpha EE.
d microstructures, voids nucleated preferentially on equiaxed :,’
alpha/aged beta interfaces. In Widmanstatten plus grain ;&;
boundary alpha structures, the voids nucleated only on one -:Z
¢ side of the grain boundary alpha film. In both °
microstructures, the result was intergranular failure by &i;
microvoid coalescence. Based on these observations and ;hj
o electron microscopy of the alphasbeta interfaces in strained ;
samples, Greenfieid and Margolin proposed that slip occurs %&;
preferentially in the softer alpha phase, essentially on one E\;
L slip system. At a crystallographicaily oriented alpha/beta :
interface, a parallel slip system in the beta can be EE;
activated and slfp is transferred across the interface. 3ff
L]
¢ This leads to continuous slip lines passing from the alpha g:
to the beta phases. However, at a non-oriented interface, %Ft
they observed that the siip lines stop, which suggests a ﬁi
¢ dislocation pile up. The result of this pile up is high é?
local stresses and void nucleation. §§
Greenfield and Margolin (28) pointed out that their Saj
phaS
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model was consistent with microstructural observations. In
the equiaxed microstructures, the recrystallized alpha has
no orientation relation with the beta and all alpha/beta
interfaces are equally probable for void nucleation.
Dislocation motion is blocked at the alpha grain boundaries,
either alpha/alpha boundaries, or alpha/aged beta
boundaries. The slip path length in these structures is
determined by the alpha grain size. In the Widmanstatten
structures, individual alpha plates are surrounded by beta
of one orientation and have the orientation relation on both
sides. This allows slip to pass from the alpha to the beta
within a Widmanstatten colony and dislocations are blocked
only at colony boundaries. The siip path length in these
microstructures is thus dictated by the Widmanstatten colony
size. In alpha’ martensite structures, no orientation
relationship exists between the alpha’ and the beta. In
this case, the slip path length is reduced to either the
thickness of the grain boundary alpha film, or the width of
an alpha’ platelet.

Void nucleation at alpha/transformed beta interfaces
have been found by other investigators as well. However,
void nucleation has also been reported at locations other

than alpha/beta interfaces. Margolin and Mahajan (32), in a

study of aged Ti-64 and a review of previous investigations,
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found that in equiaxed structures, void nucleation occurred
both at alpha/aged beta interfaces and within the equiaxed
particles. Within the particles, the voids were often, but
not always associated with subboundaries. In Widmanstatten
plus grain boundary alpha structures, nucleation was found
to occur at the grain boundary alpha/beta interfaces, at
grain boundary alpha/alpha’ interfaces, and within the
Widmanstatten alpha platelets where the voids were parallel
to the twin boundaries within the plate. Additionally,
voids were also found at alpha’/beta interfaces and within
the alpha’ particles. In an overview of microstructural
effects on mechanical properties, Margolin, et.al. (43)
reported these nucleation sites and also noted void
nucleation at slip band intersections.

In spite of the variety of the void nucleation sites
observed, the review of Margolin, et. al. (43) did show that
in most cases, void nucleation occurred on only one side of
an alpha particle, supporting the model of Greenfield and
Margolin (28). Additional support for the Greenfield and
Margolin model was reported by Basetack and Mahajan (44).
These investigators found void nucleation exclusively at
grain boundary alpha/matrix interfaces and showed slip lines
continuous on one side of the grain boundary alpha film and

being blocked at the other.
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The results of these studies show that void nucleation

seems to be associated with crystallographic inhomogeneities
of some sort, but no clear dependence exists between slip
path length and void nucleation. In microstructures where
the slip path is reduced to the width of an alpha’ lath or
to the diameter of a sub-grain in an equiaxed particle, void
nucleation still occurs at these sites in addition to sites
associated with longer slip paths (25, 44, 45). 1t is
possible that the different nature of the various interfaces
overshadows a significant slip path length effect, but this

has not been shown.

2.3.3.3 Void Growth Void growth and the final fracture

characteristics have also been extensively studied.

Although Margolin and Greenfield (29) found that the
fracture strength of Ti=-5.25A1-5.5V~-0.9Fe-0.5Cu was
controlled by void nucleation, this contrasts with the
results of most other investigators. It fs usually reported
that void growth rather than void nucleation is the cause of
different tensile ductility and fracture characteristics
(29, 37-46). Further, it is usually reported that growth of
existing voids, rather than continued void nucleation and
coalescence is the cause of eventual fracture (32, 43, 45).
This is shown by a linear, rather than accelerating,

relationship between applied strain and the length of the
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longest void (32, 43-47). In most cases, the critical event ;ﬂgp

e

for fracture is described as the growth of the longest void RN
-'.“., ‘,‘

1Y 7

to a point where a criteria based on void ltength and stress ﬁ’f

level is reached. A relationship is usually developed A

T

between critical fracture strength o and the length of the

e
-.-.é:‘

longest void, LF (32, 43-47). One example of this, reported

..

by Margolin and Mahajan (32), is:

7O )

_ -1/2 x
9 = 09 * Klg o
Pt
Attempts to relate the growth rate of the longest void Q&‘
(G i ) to microstructural considerations have resulted in »._.9,_
BV
\'«, ™
conflicting evidence. In some instances, Gl was found to tg“f
0
d&»
increase with increasing prior beta grain size and grain : \
u !
boundary alpha thickness (32, 44), while in others it was ?.
A
not (44). In other investigations, a microstructura)l ;',; ]
dependence was found in Widmanstatten structures, but not in AR
l.s %
equiaxed structures (32). 2
:-"_:-: /]
The mechanism of crack growth and eventual fracture in ﬁt}‘
AT
titanium alloys is not well understood. Both transgranular f}%
and intergranular fracture have been reported in a wide “Qq
'J'::-“ )]
range of alloys and microstructures. Greenfield and §$;¥
N
-
Margolin (28) found that the failures in their Widmanstatten D
N
microstructures were primarily intergranular with respect to .9
& '-‘ )
Nl
the prior beta grains. They observed that once nuclezted, 2&%‘
o
the cracks propagated within the alpha along the grain :ﬁ?'
S 4
%
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boundary alpha/beta interface. Other investigators have
observed similar behavior (19, 29, 30, 32). Growth of

voids along the grain boundary alpha/matrix interface is
usually explained In terms of iocal pltastic flow at the
advancing crack tip (29, 30). Gerberich (30) has described
the crack growth as being similar to that seen in elastic
fracture. He attributed cracking adjacent to the alpha/beta
interface to constraint of the alpha phase which results in
triaxiality of stress, a locally higher yield stress for the
alpha, and easy crack propagation. According to this model,
as the grain boundary alpha thickness increases the fracture
toughness would be expected to increase due to the lesser
constraint of the alpha film and the attendant reduction in
void growth. A similar mechanism was proposed in one
investigation of Margolin and Greenfield (28). In an
earlier investigation however (29), these investigators
attributed fracture adjacent to the alpha/beta interface to
a breakdown of compatibility at the interface, reduced
constraint of the alpha at the advancing crack tip, and
crack growth by localized plastic flow. A third mechanism
was proposed by Mahajan and Margolin (34) relating the
growth of voids to the elastic discontinuity at the
interface. Because of this discontinuity, the stress is

highest at the alpha/beta interface and decreases with
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distance from the boundary. If the crack moves into the

softer alpha phase, the stress available to propagate the
crack is diminished because of the diminished distance to
the interface.

Transgranular crack propagation has been observed in
similar alloys and microstructures by several investigators
(32-33). In a study on Ti-4.5A1-5Mo-1.5Cr (CORONA 5),
Baselack and Mahajan (33) found that Widmanstatten plus
grain boundary microstructures fracture by both
intergranutlar and transgranuiar crack initiation and
propagation. Also, both modes were seen to occur either
with extensive plastic deformation or as interface
separation with little or no deformation. The level of
deformation observed depended on the orientation of the
applied stress with respect to the crack, but the fracture
mode did not. The low-deformation cracks were proposed to
nucleate and grow as described in the Greenfield model (28)
and the extensive deformation cases were attributed to
shear~induced interface sliding (33).

Maha jan and Baselack (27) noted that two alloys with
similar microstructures but different slip accomodation
characteristics displayed identical void nucleation
behavior. Both Ti-6246 and Ti-662 showed void nucleation

exclusively at the grain boundary alpha/beta interface as
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3
b predicted by the Greenfield model (28). However, in Ti- o
N
6246, the cracks propagated along the interface, and in Ti- o
\ 9
662, the failure was transgranular. Also, slip lines I
3
[~ ] appeared to be blocked by alpha/beta interfaces in Ti-6246 )
o
but were not in the Ti-662. This seems to contradict the fﬁ
bty
o
Greenfield and Margolin void nucleation model and suggests qﬁ,
Y
that slip transferral from aipha to beta is significant in ®
VY
crack growth but that void nucleation is controlled by "
W)
another mechanism (27). '$n
W
L4
2.3.3.4 Summary The bulk of the work to date suggests .;E
]
that the deformation characteristics of titanium alloys may S
e
be thought of in terms of slip character and slip path 2
[
length, but these concepts only apply well to systems which Sl
o
o
Y
T
i
®
=
=9
The model for void nucleation and growth proposed by ;:;
3
Greenfield and Margolin (28) appears to be a good starting SN
point for a consideration of the behavior of these alloys. N
In this model, the nucleation of microvoids requires an ﬁ:
e
"
interface which blocks dislocations. In the case of Ay
®
Widmanstatten microstructures, void nucleation often occurs ?5‘
x"-\
*
at a non-Burgers-related grain boundary alpha/matrix @Q
AN
v
interface and is associated with long slip path lengths. }ﬁf
@
N,
2

)
h
4

show gross planar slip. In other alioys, there seems to

SR

exist a general correlation, but other factors can

=

contribute to and even dominate the mechanical behavior.
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On the other hand, when void nucleation is seen at other
types of interfaces, no dependence on slip path length is
observed,

Vold growth, rather than nuclteation, is usually
considered to be the contfolling factor in fracture
ductility. Both intergranular and transgranular void growth
and fracture have been reported. In Widmanstatten
microstructures, void growth is usually within the grain
boundary alpha film and adjacent to the non—-Burgers-related
interface. This has been associated with slip path length,
constraint of the alpha film, and elastic incompatibility
at the interface. However, transgranular fracture has also
been observed and both modes have been observed in the
alloys used in this investigation. One possible
explanation for this behavior is that the limited number of
slip systems available in the alpha phase make the
orientation of the aipha film with respect to the applied

stress the critical factor.
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ELEVATED TEMPERATURE BEHAVIOR AND MODELS

This section consists of three parts. The first is a
review of work specifically addressing the high temperature
behavior of near-alpha and alpha-beta titanium alloys. This
if followed by a discussion of the two models which have
been proposed to explain this behavior. The third section
is the presentation of the lattice incompatibility model,
the model around which this investigation has been

developed.

3.1 Review of Work To Date

The results of six investigations, or groups of
investigations, are reviewed in this section. E&ach stuady
will be discussed indfvidually, then general conclusions

will be made based on the data taken as a whole.

3.1.1 Lewis and Caplan

Lewis and Caplan investigated the hot ductility
behavior of several titanium alloys. The results of this
investigation are presented in Figure 1.1 (6). Three of the
alloys tested, Ti-64, Ti-6211, and Ti-6Al, failed
intergranularly with a severe reduction in ductility when
tested at approximately 800°C. Ti-3A1-2.5V had only a
moderate loss in ductility and unalloyed titanium had

essentially none. The ductility loss was found to occur on
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cooling following a thermal excursion into the beta region.

A
'l
r-
&

.
*
-

When the material was tested on heating following an

-

YR
.
v

excursion into the beta region, the ductility was also

-

h

L reduced compared to that of the origimal material, but not ”;.
as severely as during cooling in the initial cycle. This }f?
indicated that either the ductility loss is associated with %:E
. the dynamic cooling conditions or that the material is é;‘
irreversibly conditioned during a thermal cycle into the @;@
beta region. Lewis and Caplan found no evidence of second i_;
phase particlies on the fracture surfaces of samples tested ;;r
in situ at room temperature and 77°K, but the concentration ;%u
of sulfur present on the fracture surfaces was found to be zré
300 times the bulk concentration (6j. ?O‘
g

In other work, Lewis (49) attempted to characterize the E?%

hot ductility dip in Ti-6211 with respect to strain rate, ggi
cooling rate, and microstructure. This investigation showed 5&
that the hot ductility dip existed within a particular %Ei»
window of time-temperature space and corresponded with the &%i
beta to alpha transformation. The results of this ;;;
investigation are shown in Figure 3.1. In this figure, the Eéé‘
time-temperature ductility map is superimposed on the %Ei
continuous cooling transformation (CCT) diagram of Gordine ’v.;
(50). The regions of various hot ductility behavior can be ;&4
seen to correspond with the beta to alpha transformation. ﬁ;
o
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P In all cases, the hot ductility dip was not affected by e
..\-.\‘ ‘
changes in strain rate over the range studied, 1.2 s~! to 25 ft”
AR
;-1 AL
. :Ei-
Lewis (49) found that a2t temperatures above the beta to . &
A
alpha start temperature, the failure mode was transgranular Sﬁ:
'.,'\ _,.'\
LY
ductile rupture, preceded by a large amount of plastic flow. ﬁ:jJ
YA
At temperatures within the transformation, failure occurred
F_'
AN
by a mixture of low-ductility intergranular and high- ﬁﬁ;
’ L4
SN
{A
ductility transgranular mechanisms. The ductility decreased ;3\
[Y E’A 3]
with decreasing temperature and increasing cooling rate, .o
DR
Ly
corresponding with increasing amounts of alpha phase. Also, 2:}*
" ‘r:i o
the net section stress decreased with decreasing temperature g:i'
.\)
in the single phase beta region but increased with ﬂﬂ.
AN
decreasing temperature in the alpha plus beta region. This Hg
S~
LY
is shown in Figure 3.2 (6). Lewis interpreted this to ;'Y
>
AN
indicate that the alpha phase is both stronger and more «%v
T
-~
ductile than the beta phase at temperatures within the ﬁ{:
. B3
transformation. T
,:..-:'_ui
The lowest ductility observed by Lewis (49) was in )

rapidly cooled samples tested immediately below the beta to

alpha transformation finish. Failure of these samples

occurred by microvoid nucleation and coalescence at the
grain-boundary alpha/transformed beta interface. Two g

possible explanations were given for the low ductility of e
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Figure 3.2 Gross and net fracture stress as a function of
temperature for tensile tests of Ti-6211 (6).
Net fracture stress increases with amount of
alpha phase.
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RAAL @7

f

this interface. The first was the segregation of alloying
elements to either side of this interface, altering the

local flow properties. The second possible cause discussed

XX ARk

h‘ was coating and weakening of the interface by impurity Q
Y,
segregation. %}‘

It is important to note that Lewis based his h

L interpretations on the Gordine CCT diagram for Ti-6211 (50). .
More recent work has established a slightly different CCT 5:5
diagram for this alloy in which the beta to alpha iy

5% %

KAy &

¢ transformation occurs at lower temperatures (13, 51). In ;E
Figure 3.3, the ductility map developed by Lewis (49) is {‘
super imposed on the more recent CCT diagram. Obviously, an 1“}

® interpretation of the test results based on this diagram Q;
would result in different conclusions. The region of lowest E
ductility is now shown to falil much closer to the beta to %i

® alpha transformation finish. However, caution must be
exercised in the application of either diagram. CCT f‘

e

diagrams are developed using a particular set of cooling

) curves and only strictly apply to processes using identical
cooling curves. With any other thermal profiles, the time

at temperature, hence the nucieation behavior, will be

2

¢ different. 9
Exper imental evidence has shown that the lower CCT 5?.

diagram more accurately predicts phase stability over the r
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range of cooling rates seen in GTA and GMA welding processes
(13). The cooling profile used in the Lewis study, a
simulated GTAW cooling cycle, falls within this range. On
the other hand, Lewis made microstructural observations of
samples which failed at 848°C and found heavily deformed
transformation products (49). This indicates that these
phases were present at 848°C, above the beta to alpha start
temperature in the more recent diagram. A possible
explanation for this discrepency is that the samples in the
Lewis study., tested using the Gleeble facility at DWTNSRDC-
Annapolis, showed evidence of varying and occasionally heavy
interstitial contamination (52). Because oxygen, nitrogen,
and carbon are all potent alpha stabilizers, high
concentrations of these elements would raise the
transformation temperature (1, 53). Oxygen contamination is
also a possible reason for the difference between the two
CCT diagrams. This discrepency serves to point out both the
importance of consistently good atmospheric control when
working with titanium and the risks involved when attempting

to use gata from other studies.

3.1.2 Starke, et .al.

Starke and his co-workers investigated the
susceptibility of Ti-6211 to the hot ductility dip on the

basis of microstructural variables (55). The goal of
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2
-
A
this investigation was to determine whether the hot ':V
vy
ductility dip occurred as a result of a given :ﬁ'
™
microstructural condition or as a result of non—eguilibrium :iw
effects associated with a particular thermal cycle. The 2
e,
variables studied were beta grain size and shape, alpha S?‘
g
morphology, and intragranular structure. Tensile tests were gﬁ
PN
run at room temperature, SOOOC and 800°C, immediately °
Ly
following a slow heating cycle to these temperatures. It NYAY
"
. ‘* '
was concluded that if the prior beta grains were equiaxed, 3?\
W i
X
any transformation structure other than equiaxed alpha was ®
.,
N
susceptible to the high temperature ductility loss. Also, G
g \
Lu
it was found that this behavior was not dependent on either :E:
.
the prior beta grain size or the scale of the transformation o
Al N o
l(. 'l..f. X
structure. The results of this investigation results are 3ﬁ§
. .1‘:‘ -
presented in Table 3.1. KC
o
In the Starke (55) studies, the effect of alpha Y
"R
e
phase morphology was first investigated by testing a sample .jw
o
with a structure of equiaxed alpha with retained beta at the :fz
'f:'f
grain boundary triple points, sample E-l1. This structure °
N
showed high ductility at all test temperatures, implying ﬁ;
ENGS
that a Widmanstatten or martensite plus grain-boundary alpha j;f
A
structure is required to cause reduced hot ductility. ;
B,
o
The effects of prior beta grain shape and intragranular :ﬁ\
S 3
slip path length were then investigated. The as-received N
R
®
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o
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L Table 3.1

Results of Starke, et. al. (12)

‘-‘,’-’ ° 5,‘&

RIS,
5% ‘z"x X,

o

o

-~

2

.t

g‘y{’\ 1(‘.5! 'A'.

(5.9

Sample Microstructure Temperature %RA
W-1 Widmanstatten alpha-beta plus grain RT 20
boundary alpha. Elongated prior beta 500 24

grains 800 62

W-2 Widmanstatten alpha-beta plus grain RT 28
boundary alpha. Equiaxed prior beta 500 23

grains 800 22

wW-4 Widmanstatten alpha, beta transformed RT 28
to martensite. Elongated prior beta 500 27

grains 800 45

W-5 Martensite. Equiaxed prior beta RT 22
grains 500 23

800 23

W-6 Martensite. Large equiaxed prior RT -
beta grains. 500 -

800 21

G-1 Martensite. Equiaxed prior beta RT i8
grains 500 24

800 17

E-1 Equiaxed alpha with beta at the RT -
grain boundary triple points 500 40

800 -
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plate had a grain-boundary alpha plus Widmanstatten
structure in elongated prior beta grains, sample W-1. This
material failed by transgranular ductile rupture at all test
temperatures. In samples thermally cycled to above the beta
transus and air-cooled, the structure is one of
Widmanstatten plus grain boundary alpha or alpha’, but now
within equiaxed prior beta grains, samples G-1 and W-2.
These samples, including the "Gleeble" cycled samplie,
(thermally cycled as in the Lewis and Caplan (6) study, then
tested on reheating), all failed intergranutlarly when tested
at BOOOC, but transgranularly at the lower test
temperatures. Other samples were cycled to a temperature
high in the alpha plus beta range and quenched to transform
the beta between Widmanstatten platelets to martensite,
samples W-3 and W-4. Because martensite platelets have no
orientation relationship with the surrounding aipha, the
alpha/alpha’ interfaces act as a barrier to slip. In these
structures continuous slip paths were limited to the width
of an individual alpha platelet. These samples behaved
identically to the previous set, indicating that the loss of
ductility is independent of slip path length.

Starke and his co-workers also addressed the
possibility that impurity segregation to the prior beta

grain boundaries was contributing to the hot ductility dip.
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It was pointed out that intergranular fracture associated

with grain-boundary embrittlement results in a smooth E
fracture surface rather than the dimpled fracture associated Eﬂé
k with the ductility dip. A thermally cycled sample was ?;
tested at 800°C following a hold time of 30 minutes. The E?a
failure was intergranular, but occurred with more ductility E;%
b than the samples tested without a hold time. This implies ﬁ;;
Y
that equilibrium partitioning of impurities to the grain &;J
boundary alpha/transformed beta interface was not a cause of “j
the ductility dip. "'"
In the Starke investigation, the ductility of a ‘ég
previously created microstructure was measured on heating. 2@%
It was assumed that the behavior seen resulted from the same ;&
mechanism as the hot ductility dip seen on cooling in a gﬁ;
rapid thermal cycle. This follows the premise that an EEE'
irreversibie conditioning process occurs when a sample is \;h
o
thermally cycled to above the beta transus. Starke et. al. Q&d
(55) proposed that the conditioning process was the cté
creation of a specific microstructural condition, grain ‘.
boundary alpha plus transformed beta within equiaxed prior ".;
beta grains. E&;:
ot
3.1.3 lnouye and David E:‘
In an investigation of room temperature impact ;g*
strength, David and Inouye (57) found that the impact Eiﬁ,
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strength of Ti-621] welds was drastically reduced by trace
quantities of boron present in the filler wire. Boron-rich
precipitates were observed on the fracture surfaces of
specimens thermally cycled to above the beta transus,
cooled, and broken at room temperature. [t was not stated

whether these precipitates were believed to act as crack

initiation sites or simply indicated segregation of boron to

the grain boundaries. Further tests showed that the impact
strength of Ti-6211 Charpy specimens machined from as—-cast
ingots could be reduced from 40 ft-1bs to 15 ft-lbs by the
addition of 50 ppm boron. These investigators postulated
that the conditioning process asscociated with the hot
ductility dip may be a boron segregation to the beta grain
boundaries during thermal cycling (58). No explanation was
given for the observation that the ductility of Ti-621! is
increased by further cooling below the hot ductility dip
region.

Inouye and David (51) also generated a partial CCT
diagram for Ti-6211. The transformation start and finish
points for this diagram lie between those reported by
Gordine (50) and Damkroger (13). This is further evidence
that caution must be used in the application of any CCT
diagram. The procedures used by Inouye and David (51) in

the development of their diagram were not discussed.
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3.1.4 Ushkov

A study similar to that of Starke, et. .al (55) was
made on the hot ductility of several titanium alloys by
Ushkov (59). The results are presented in Figure 3.4. Both
coarse and fine-grained specimens were tested, with the
coarse-~grained specimens showing a more severe ductility
loss than fine-grained specimens of the same composition.

In general, all specimens showed a reduction in ductility in
the range of 600°C to 800°C. However, the coarse—-grained
specimens showed a severe and equal loss of ductility for
all alloys. In the fine-grained material, the ductility
loss was a function of alloy content. In terms of alloy
content, the most severe ductility losses were associated
with the presence of 5%-6% Al and 2%-4% other additions.
Ti-85n and Ti-6A1 did not show a ductility loss in the fine-
grained condition and were not included in the coarse-
grained condition. No speculations were made on the role of
alloy content on the extent or severity of the ductility
dip.

The mechanism of deformation and failure were analyzed
by metallographic analysis of voids in samples of Ti-6A]
deformed under differing conditions. It was found that at
high temperatures, void formation was observed at grain

boundaries and slip band intersections after only 5%-67%
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deformation. These same samples did not fail until almost
100% reduction in area. In samples tested at lower
temperatures, void formation was not detected until
immediately prior to fracture and fracture occurred at much
lower deformation levels. No void formation was detected at
any deformation levels in samples tested at temperatures
within the beta region. The effect of strain rate was
investigated as well, the strain rate being varied from 3 X
107°/s to 5/s. It was found that the rate and extent of
void formation were increased by increases in strain rate.
This was interpreted as indicating that void nucleation was
affected more strongly by stress level than amount of strain
and that vacancy condensation was not responsible for the
nucleation of voids. Bi-axial tension and torsion tests
also resulted in the nucleation of voids, indicating that
shear as well as tensile stresses caused void formation
(59).

The results of the microstructural analysis in the
Ushkov (59) investigation are in contrast to those of
Starke, et. al. (55). Ushkov found that when the Ti-6A]
specimens were modified to produce efther a martensitic
structure or a refinement of the alpha grain size, the
ductility at 800°C was significantly increased. In this

case, the refined microstructure resulted in a
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homogenization of the deformation and a reduced tendency to

form the intense slip bands associated with void formation.

3.1.5 Krishnamohanrao, Kutumbarac, and Rao

These investigators combined data from the 1iterature
and their own work to create failure maps for several
titanium alloys (60, 61). These fracture mechanism maps are
binary plots which identify the regions of stress &nd
temperature in which a particular failure mechanism is
dominant. The maps plot the normalized tensile stress o/E
(where o is the nominal applied stress in creep tests or UTS
in tensile tests and E is Young’s modulus) vs the homologous
temperature T/Tm. At low temperatures and high stresses,
the maps represent tensile tests. Above a certain point
(presumably a critical temperature but this was not
discussed) the mode of testing was changed to stress-
controlled creep testing. As is usually the case when data
is compiled from several sources, the starting materials and
microstructures, as well as the test procedures used, varied
widely.

Examples of fracture maps for commercial-purity
titanium and Ti-6A1-4V are shown in Figure 3.5. The maps
for all of the alloys are similar and contain several
regions. At high stresses, failure is by dynamic fracture.

At slightly lower stress levels and temperatures be ow
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o™ — — y ; "
DYNAMIC FRACTURE
DUCTILE FRACTURE

(o/E)

L /
u"-) TRANSGRANULAR
CREEP FRACTURE
w
5 107t
2 RUPTURE
w
-
o
L
~N
= 107% T
g NO FAILURE
< SN—
107° . : - )
0] Q2 04 0.6 0.8 1.0

HOMOLOGOUS TEMPERATURE (T/Tm)

Figure 3.5(a) Fracture mechanism map for Ti-6A1-4V
(60, 61). High temperature ductility
loss failures occur at the intersection
of the regions labelled ductile fracture,
dynamic fracture, and rupture.
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3 ¥
0.5T_, the failure mechanism was identified as ductile ﬁ{
fracture, characterized by a traditional "cup and cone" 5&{
fracture surface appearance. At still lower stresses and téj
temperatures in the range of 0.3—0.5Tm, the failures were by ; X
either intergranular or transgranular creep failure, and at ?3
temperatures above O.STm, the samples failed by ductile 5&%
rupture. In some alloys, commercial-purity titanium for ;‘
example, the region of ductile fracture does not extend to §;ﬁ
the lowest test temperatures. In these cases, a cleavage g&;
failure region is also identified (60,61). i:i
The stress and temperature range used for preliminary Siﬂ

(8

ductility testing of Ti—-6A1-4V is superimposed on the ékj
ductility map for this alloy. As can be seen, the testing 'f:
of Ti—-64 was done primarily in the dynamic fracture range, t"
with some of the weakest specimens being in the rupture ".g
L%y 8

region. This is in contrast with the appearance of the ;w
fracture surfaces. Only the the specimens which failed at ?E'
points within the rupture region appear as predicted by the %51
fracture map. The samples tested within the minimum ;;?
ductility region have an appearance similar to that of those ;EE
in the intergranular creep rupture region. At lower iﬁ_
temperatures, the fracture appearance most closely resembles EL
those in the ductile fracture region. This sequence of igs
changing fracture surface appearance with temperature is as é;u
-
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predicted by the fracture map but to occurs at stress levels
which are higher than predicted. Perhaps this discrepency
is due to the relatively low strain rate used in the testing
P which produced the failure mechanism maps, 3 X 10 °/s. This
contrasts with the results of Ushkov (59) which showed that
very low strain rates could suppress the formation of voids
L and resuilt in very high ductility. This suggests that
perhaps the strain rate used by Rao, et.al. (60,61) was too

low to highlight the existence of the low ductility region.

3.1.6 CSM Weliding Research

The weld cracking susceptibility of Ti-6211 and Ti-64

has been investigated using the Varestraint test (13, 62-
66). In this test, a constant augmented strain is imposed
on a section of weldment which varies in temperature from
Jjust below the liquidus to some much lower temperature.
Following testing, the samples were examined and the extent
and location of cracking noted. The location of the
cracking, combined with thérmal analysis of the weldments,
were then used to determine the thermal history of the
cracked region and the critical temperature of cracking
(63).

It was determined that Ti-64 was not susceptible to
cracking in either GTA or GMA welding. This was also found

with Ti-6A1-2V, and quaternary alloys of Ti-6Al-2V pilus 2,
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4, and 6 Zr. In Ti-6211, cracking was observed in both the
fusion and heat-affected zones of GTA weldments and on the
fusion tine of GMA weldments. This cracking is shown in
Figure 3.6 (63). In all cases, the cracking occurred by
ductile rupture along the prior beta grains, identical to
that seen in the hot ductility dip failures of Lewis and
Caplan (6). Fractographs of the weld crack surfaces are
shown in Figure 3.7. It was found that the cracking
temperature increased as the heat input increased and the
cooling rate decreased. When plotted on the CCT diagram of
Damkroger (13), the locus of points which define the
varestraint cracking falls within the beta to alpha
transformation, near the transformation finish, and in the
same temperature range as the hot ductility dip (€66). This
was shown in Figure 3.3 (49,66). This suggests that the
transformation is related to the loss of ductility.

In all cases, the microstructures in the region of
cracking consisted of Widmanstatten plus grain boundary
alpha and alpha’ in an equiaxed prior beta grain structure.
This microstructure, shown in Figure 3.8, is similar to
those seen by Lewis and Caplan (6). The large lenticular
patches which appear within the Widmanstatten matrix in Ti-
6211 have been identified by Lewis and Williams as alpha’

martensite. In comparison, Ti-64, which showed no tendency
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Figure 3.6

Varestraint weld cracks in autogenous GTA
weldments of Ti-6211 (63). Both fusion zone
and heat-affected zone cracking can be seen.
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Figure 3.7 Fractographs of varestraint weld cracks in a
Ti-6211 GTA weldment (63). Cracking is
macroscopically brittle (a), but occurs by
localized ductile rupture (c).
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Optical micrographs of fusion zone (a, c) and
heat-affected zone (b, d) regions in a Ti-6211

GTA weldment showing coarse,
prime martensite (63).

lenticular alpha

58

!

AN

SIS
A

“{} " -l
Pl S

fuy

)
<@

PN
oy

RS
< '.n‘..

-}
4

4’y
>,

L




PRI RN TR TR R T T U AT S W W W MG N M vy 087 et Sl 8ol 50008 90t $a0 Sy tx) Hat Vab Vel U R A

PR A R 2 AN I AT R AL A e N "
R R A O (T N AN R POy

o
BRI, P i,

&

T-3393 59

to crack, has a much finer structure, Figure 3.9. The Ti-64
microstructure also contains normal, fine, alpha’
martensite, and has a thicker grain boundary alpha film than
does Ti-6211. A similar observation was made regarding the
apparent microstructural dependence of the ductility loss
during a study of GMA weld varestraint cracking (66). In
the GMA welds, cracking occurred at the fusion line at the
root of the last bead deposited. The weld bead crown
however, which was subjected to the highest strain, did not
crack. The microstructure at the bead crown had
significantly finer transformation products within the
equiaxed prior beta grains as a result of a higher cooling
rate.

The effects of oxygen and nitrogen contamination were
also investigated. These results are presented in Figure
3.10 (63,64). It can be seen that both fusion zone and
neat-affected zone cracking increase with oxygen and
nitrogen content up to apoproximately 0.15% nitrogen or 0.2%
oxygen. Beyond these levels, cracking fell to essentially
zero. This was attributed to the change in prior beta grain
shape from equiaxed to elongated and the refinement of the
Widmanstatten structure.

Four main conclusions can be drawn from the CSM welding

research. The first is that the weld cracking seen in
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Figure 3.9

Optical micrographs of fusion zone (a, c) and
heat-affected zone (b, d) regions in a Ti-6Al-
4V GTA weldment showing fine Widmanstatten

alpha plus beta and grain boundary alipha (63).
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Figure 3.10(a)
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Figure 3.10(b) Effect of weld metal nitrogen content on
varestraint weld cracking in Ti-6211 (64).
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varestraint testing appears to be the same phenomenon as the
hot ductility dip (6). The second is that the loss of
ductility is associated with the beta to alpha
transformation. Third, the cracking is related to a
particular room temperature microstructure hence combination
of alloy content and transformation rate. The fourth
observation is that small amounts of oxygen and nitrogen
contamination increase the cracking susceptibility of Ti-

6211 (64).

3.1.7 Summary of High-Temperature Studies

A few general conclusions can be made regarding the
high~temperature investigations which have been conducted to
date. The first is that the hot ductility dip and the
occurrence of weld cracking seem to be different
manifestations of the same phenomenon, a general loss of
ductility in the temperature range of the beta to alpha
transformation finish. The ductility loss is a function of
alloy content and seems to be tied to the presence of 5-67%
Al and 2-3% other alioy elements. In terms of specific
elements, Sn and the Nb+Ta+Mo combination in Ti-6211 lead to
severe ductility losses. A specific combination of heat
treatment and alloy content appear to be responsible, one
which produces a relatively coarse Widmanstatten plus grain

boundary alpha transformation structure within equiaxed
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prior beta grains. The ductility loss is also particularly
severe in the case of large prior beta grains. These
microstructural conditions are relaxed in the case of Ti-
6211 where virtually all transformation structures seem
equally susceptible to the ductility loss. Similarly, Ti-
Al-Sn ternary alloys also seem susceptible to the ductility

loss regardliess of microstructural considerations.

3.2 Analysis of Existing Models

Two models have been specifically proposed to explain
the high temperature ductility loss in alpha-beta titanium
alloys. In the following section, these models will be
discussed individually and summarized with respect to the

body of data regarding the high temperature ductility loss.

3.2.1 Solute Partitioning Model

The solute partitioning model, proposed by Lewis (6)
and presented schematically in Figure 3.11, states that the
underliying cause of the hot ductility dip is the solute
partitioning which occurs during the beta to alpha
transformation. Lewis (6, 49) has proposed that the element
partitioning is sulfur, and Inouye and David (57) have
suggested that it is boron. In this model, as the material
transforms the alpha is believed to reject impurities which

then coat the advancing interface. I1f the material is
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strained at this point in the transformation, slip is
concentrated in the weaker beta matrix. The slip paths
terminate at the alpha/beta interface because the impurity
film prevents the slip from being transferred from the beta
to the alpha. This results in dislocation pile-ups,
localized stress concentration, and void nucleastion at the
alpha/beta interface. In this model, the slip concentration
may be aided by a weakened solute-depleted zone near the
interface (67).

The failures associated with the high temperature
ductility loss are not typical of grain boundary
embrittlement failures. Unlike grain boundary
embrittiement, testing within a specific temperature range
is required to achieve the high temperature ductility loss.
Further evidence is the appearance of the fracture surfaces
of the hot ductility dip samples, which are dimpled rather
than smooth (55). However, the solute partitioning model
maintains that the impurity film is the controlling feature.
Without this film, slip in the beta phase would simply pass
to the alpha phase. In the solute partitioning model, the
behavior of different allioys is predicted because of changes
in the solubitity of these alloys for impurities (67).

A second difficulty with the solute partitioning model

is its failure to explain the observed effect of cooling
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[ rate on the hot ductility dip behavior. In rapidly cooled ..
e
Ti-6211 welds, varestraint cracking was suppressed (66). Wy
!a L]
N
These welds had a Widmanstatten plus grain boundary alpha or \5;

@ alpha’ structure at room temperature. Therefore, any non- ,‘.
& NA]

™y
equilibrium solute build-up associated with the formation :;f

W

A

and movement of an allotriomorphic alpha interface must have S:

) J
B¢

® existed in these welds, yet they did not crack. One ®
I".t

)
possible way to interpret this within the solute “ﬁ
A
partitioning model is to instead say that the ductility dip :;%
"

'y results from an equilibrium partitioning of the impurities °
iiﬂ X
to the interface. However, Starke et. at. (55) found that f.

ductility was increased in samples helid at the test >

’. temperature prior to testing. A third problem with the Y
R,

solute partitioning model is that rejection of impurities by :;,

)
l- &
the advancing alpha interface has not been demonstrated }’7

N

" (ESEB ) . ®
E.w-

It is apparent that a strain concentration mechanism is

necessary to create the loss in high temperature ductility.

¢ This point is not directly contested by the proponents of

25 @ SIS

the solute partitioning model. This model simply states

s

that, while a strain concentration is necessary, it will not

e et
a".ll

S

¢ cause the ductility dip without the presence of an impurity
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film (67).
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3.2.2 Differential Strength Model

The differential strength model, developed by Starke,
et. al. (55), is schematically represented in Figure
3.12. In this model the critical condition is the existence
of a grain boundary alpha film and an equiaxed prior beta
grain structure. During the beta to alpha transformation,
allotriomorphic alpha is nucleated and grows at the boundary
between two beta grains. Because these grains have
different orientations, the alpha will generally have the
Burgers retationship with only one of the beta grains. This
model proposes that a Burgers related alpha/beta interface
will permit the transfer of slip between the two phases, but
a non—-Burgers related interface will not. In contrast to
the work of Lewis and Capian, (6, Figure 3.2) this model
also maintains that the grain-boundary alpha film {s weaker
at 800°C than the transformed beta grain itself. When
loaded, the strain is concentrated in the weaker grain
boundary ailpha and blocked at a non-Burgers related
alpha/beta or alpha/matrix interface. This resuilts in
dislocation pile-ups, stress concentration, and void
nuclieation, This mechanism is similar to that proposed for
two-phase titanium atloys at room temperature by Greenfield

and Margolin (28). In the differential strength model, a

grain boundary alpha film is required to provide the strain
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Schematic of the differential strength model
is concentrated in the weaker
grain boundary alpha film and blocked at an
causing void nucleation.
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concentration adjacent to a non-Burgers related interface. e
s
Equiaxed prior beta grains are necessary to insure that a fﬁt}
Y \
grain boundary film will be favorably oriented for slip (54- t v
L iy
56). N
e
The differential strength model directly addresses only yﬁﬁ
e
the case of a grain boundary alpha film coexisting with beta Qﬁ}
RO
or a transformed beta matrix, and isothermal testing of a ®
*aat
stable microstructure. However, the insensitivity to 5?k
i)
transformation structure observed by Starke, et. al. (55) 5%7
e
was taken as an indication that the results would be the J:
“H‘" .
Pt
same for testing on cooling during a rapid thermal cycle. ﬁg
"
In the development of the differential strength model, the {:f
5
o~
alloy to alloy variation of the ductility dip is not °
S
specifically discussed. It is implied that changes in alpha :§§'
and beta compositions are believed to alter the strengths Lﬁﬂ
t
and perhaps slip systems of the two phases, hence, the ;
g
extent of strain localization (69). s
-'_'-.
Difficulties arise with the differential strength model :;{
R
as well. [t has been shown that the severity and ';r
o
temperature of the ductility loss are functions of cooling ¢\
o
rate (49,62-66). In particular, the ductility dip is BN
. N
L)
substantially ameliorated in samples either cooled very ‘;’
rapidly or held at the test temperature prior to testing. RSRY,

..
v “r "2 Ty
]

e x

In both cases, the kinetics of the beta to alpha
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transformation and thus the transformation structures were
altered. It is possible that the scope of the Starke
investigation (55) was too narrow to discover these
differences. Similarly, in samples tested on heating in a
second thermal cycle, the loss of ductility was not as
severe as that seen on cooling in the initial thermal cycle
(6, 55). This suggests that the dynamic conditions of the
rapid thermal cycle at least accentuate the 10ss of
ductility.

The most severe shortcoming of the differential

strength model is its failure to adequately explain the

=

observed alloy dependence of the hot ductility dip. This

o

model is contingent on the strength of the transformed beta

rF
being greater than the grain boundary alpha. This conflicts :{
with the results of Lewis and Caplan on alloys other than :t
Ti-6211 (6, Figure 1.1). Lewis and Caplan found that Ti- ';ﬁ
'\ ]
6Al, an alpha alloy, had a significant loss of high ES
temperature ductility, but unalloyed titanium did not. This §Q
L%
indicates that the addition of aluminum, which partitions to
and strengthens the grain boundary alpha film, is associated o>
with the hot ductility dip (1, 6). This is the opposite of .
the relationship required in the differential strength -
S.n
’n
mode!. Similarly, in welds deliberately contaminated with ::'
S
oxygen and nitrogen, also effective alpha strengtheners, :f:
N
o
4,
*
3
N
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weld cracking was fincreased (63, 64).

3.2.3 Summary of Existing Models

Strain localization is a central feature of both

models. The solute partitioning model states that it occur

72

S

in a weaker beta phase and in impurity film prevents it from

being transferred to the alpha phase. The differential
strength model maintains that it occurs in a weaker grain
boundary alpha film and that a non-Burgers-related
alpha/beta interface causes dislocation pile--ups and void
nucleation. In the differential strength model, the
irreversible conditioning is believed to be the creation of
a susceptible microstructure. Any sample possessing this
microstructure, grain boundary alpha surrounding equiaxed
prior beta grains, is susceptible to low-ductility
intergranular failure when tested at the critical

temperature. In the solute partitioning model, the

conditioning is the cocating of the grain boundary alpha/beta

interface with in impurity film. Once this film is created
the sample will display a ductility loss, the severity of
which is controlled by the extent of strain localization.
It is apparent then that the existing models for the
hot ductility dip in titanium alloys cannot be viewed as
definitive. [t is the purpose of this thesis to propose an

alternative model and to evaluate this model within the
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P context of a general investigation of the high temperature L

ductility of alpha-beta titanium alloys. i;’

n.“

iy

L 3.3 Lattice Incompatibility Model N

The lattice incompatibility model was initially o

e

conceived by B.B. Rath of the Naval Research Laboratory A

'.r:'.;

b (70). This model proposes that the major cause of the hot O~
®

ductility dip is the lattice incompatibility associated with .(J

Y

the beta to alpha transformation. As the material cools, &&

t

L the beta to alpha transformation begins at the beta grain Y
L2

boundaries, creating a grain boundary alpha film followed by ij

o

Widmanstatten colonies. This situation exists over a narrow gﬁt
>

AN

temperature range prior to the transformation of the bulk ﬁb
[ ]

beta grain. Because the close-packed hcp alpha is more ﬂ;f

dense than the bcc beta, the transformation results in a 35:
I
=

volumetric contraction. This is shown in Figure 3.13, a |
®

plot of relative dilation versus temperature for Ti-6211 Rt
-\

cooled at 4°C/s. The result of this contraction is that a :Q;

"N-f'

tensile stress is imposed on the grain boundary alpha region S&
[ J

and advancing alpha/beta interface. This state exists until N

e

the bulk grain transforms. The lattice incompatibility xbe

model oroposes that this stress is retated to the high tﬂﬁ
®

temperature ductility loss sometimes seen in titanium alloys )

N

ot

(28). The lattice incompatibility model is shown Q{}
LARN

4o

schematically in Figure 3.14. :ﬁ
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b With the lattice incompatibility model, the varying
susceptibility of different alloys is predicted. The
specific alloy additions alter the lattice parameters of the
b alpha and beta phases, affecting the transformation stress.
Data on element partitioning and lattice parameter effects
in titanium alloys is limited. However, the genersal

| observations that can be made based on the existing data
tend to support the lattice incompatibility model. Pearson

(71) pubiished a compilation of the lattice parameters of

several binary systems. The data for binary alloys based on
titanium is shown in Figure 3.15. This figure shows that
aluminum reduces the lattice parameters of the alpha phase.
Because aluminum partitions to the alpha phase, the effect
of aluminum is to increase the relative contraction and
accentuate the tensile stress developed during the
transformation. This is consistent with the data of Lewis
and Caplan (6) which shows that a minimum amount of aluminum
is necessary to cause the ductility loss.

Figure 3.15 also shows the effects of several beta
stabilizing elements on the lattice parameters of the beta
phase. Vanadium and molybdenum contract the beta lattice

? while niobium and tantalum either slightly enlarge the
lattice or have no effect. This also consistent with the

observed alloy variations. Lewis and Caplan (6) and Hayduk,
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et. al, (63, 64) found that Ti-64 is far less susceptible to
the ductility loss and to varestraint weid cracking than is
Ti-6211,

The lattice incompatibility model is also consistent
with the observed effect of cooling rate on minimum
ductiiity temperature, an effect seen in both Gleeble and
Varestraint testing (49, 63-66). If the critical event is
the development of stress during the beta to alpha
transformation, the region of minimum ductility for any
given alloy should be related to the beta to alpha
transformation. This was shown in Figure 3.3, a plot of
minimum ductility temperatures and varestraint cracking
temperatures superimposed on the Ti-62}1 CCT diagram of
Damkroger.

Similarly, the lattice incompatibility model explains
why the ductility dip may be reduced by rapid cooling. For
a given alloy, the amount of transformation at the prior
grain boundaries, hence the amount of transformation stress
developed, is reduced as the cooling rate is increased. An
additional consideration is that as the cooling rate is
increased, the transformation temperature {s reduced. 1If
the materials’ response to the transformation stress
requires plastic deformation, it will be reduced if the

transformation occurs at lower temperatures.
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There are several possible mechanisms by which the
tensile stress developed during the beta to alpha
transformation may contribute to the ductility loss. The
simplest explanation is a superposition of the
transformation stress and an applied stress. Because both
stresses will be a maximum at the grain boundary
alpha/matrix interface, the result is void nucleation at
this interface. A coratltlary to this is to assume that the
transformation stress increases the triaxiality of the local
applied stress state in the interface region. This also
results in increased void nucleation and growth, effects
which have been documented in Ti-64 (59, 72). In this case,
the temperature dependence of the ductility loss represents
8 situation which meets two condition. The first is that
that the applied stress is concentrated at the interface and
the second is that the bulk strength of the material is low
enough for the residual stress in the grain boundary region
to be a8 significant portion of the local fracture strength.

A second possible way in which the transformation
stress may contribute to the hot ductility dip is by the
accommadation of this stress by local plastic flow. One
result of this plastic flow could be the direct nucleation
of microvoids. This explanation is also consistent with

the observed temperature dependence. The criteria here is
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again a situation where the deformation characteristics

concentrate stress at the interface and where the bulk
material strength is low enocugh for the pre-existing void
nuclei to significantly contribute to the fracture.

Filastic flow caused by the transformation stress could
also create regions of high dislocation density near the
interface. This substructure then interacts with
dislocations moving in response to an applied stress to
nucleate voids. Support for this mechanism exists in that
dislocation substructures have been seen in the interface
phase, which forms under conditions similar to those
associated with the hot ductility dip (15-18). This idea
has also been discussed in other systems and is sometimes
referred to as one type of geometrically required
dislocation density. A dislocation substructure would also
affected by transformation rate and the elastic properties

of the two phases.

A third possible result of the transformation stress is

the creation of an excess concentration of vacancies which
condense to form microvoids. The excess qgquantity of
vacancies could result from the rapid generation and climb
of dislocations caused by the incompatibility at the
interface. One such mechanfism is the grain boundary source

model of Price and Hirth (73), where the grain boundaries
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act as a continuous source of screw dislocations. At high
temperatures, the excess vacancies could rapidly diffuse
along the interface and coalesce into large vacancy
compliexes, and eventually, microvoids. This type of
condensation process was shown to occur in copper at 400°C -
500°C by Hull and Rimmer (74).

Regardless of their specifics, all of these mechanisms
share the basic premise of the lattice incompatibility
model. This premise is that the extent of the ductility
loss can be related to the extent of the lattice
incompatibility between the beta and alpha phases. This
model and investigation are based on a simple volumetric
interpretation of lattice incompatibility. Ideally, the
effect of the alpha c/a ratio on lattice Incompatibility and
transformation stress would also be investigated.

Similarly, lattice parameter gradients resulting from non-
equilibrium partitioning would be considered as well.

The lattice incompatibiliity concept requires that three
criteria be met to cause the high temperature ductility
loss. The first is that the alloy be of a susceptibie
composition. The magnitude of the volumetric contraction is
controlied by the composition of the alpha and beta phases.
Second, the beta to alpha transformation must be traversed

at an acceptable cooling rate to insure that the grain

LY (_' \ J'J' "vf\\‘-" > -r“";_n'._-' »*, f\ -_'. -"’- _' ‘_~<'..‘-_‘.\~'.‘._ ‘.i'.-.;.‘il' -, -1‘." n*ﬂ._u

s

o
F) N
!.‘r., f‘1

Y N i
CLErPLL A
s @ Sy

)
},

,
P Y *,
N ToIe N ]

o gl

qgf""
Ly

‘

A

oy ‘:{*1;
4ﬁr¢.
Z

LT RR R LY
N g » N L)



R —

R A RO R A T M N U LU T Y N I TR T AR08 B0 0¥ DoV R BufS’ Do o o8 S0 Dt g AW f Eatet Rt aPh g0 AR g v, ‘.Q'

T-3393 83 LA

boundary alpha plus beta microstructure exists at some

A
s

point. The third criteria is that the transformation occur

NN
R

at a sufficiently high temperature to allow either local

Y

plastic deformation, void nucleation, or vacancy diffusion

and condensation to take place. If these criteria are met m;;
and the material is tested within the critical temperature ?Qﬂ
range, the lattice incompatibility model predicts that low ®

ductility will result. -
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EXPERIMENTAL PROCEDURE

This investigation was designed to evaluate the lattice
incompatibility model of Rath (4) within the context of an
overall investigation of the high temperature ductility of
alpha-beta titanium alloys. Specifically, the experimental
procedure consisted of four sections. The first section, a
series of initfal screening tests, was used to establish
that the high-temperature ductility loss reported by Lewis
and Caplan (6, 49) could be duplicated using the CSM Gieeble
test facility. These tests were also used to develop a hot
ductility testing procedure. The second section of the
investigation was the development of CCT diagrams for each
of the model alloys and an analysis of their microstructures
with respect to phase stability and transformation kinetics.
The third section was the calculation of the beta to alpha
lattice incompatibility of each alloy based on high-
temperature lattice parameter measurements and radial
dilatometry. The final step of the experimental procedure
was high temperature tensile testing of six specific alloys.
The results of these tests were combined to characterize the
high temperature deformation behavior of alpha-beta titanium
alloys with respect to alloy content, lattice

incompatibility, and transformed microstructure.
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4.1 Initial Screening Tests -
[B% "N 4
The alloys used in the initial testing were Ti-6211, E \:
|. Y
Ti-64, and Ti-6A1-2V-2Zr. The compositions of these alloys Q&$
)
() i
are included in Table 4.1. Hot ductility tests were run L
pigt
using the Gleeble 1500 thermal mechanical testing facility. :%ﬁ
el
This consisted of tensile testing, on cooling, samples which fﬁh
sl
had been thermally cycled to above the beta transus. A dﬁ?’
procedure was chcsen which consisted of: ; ?:
h ).-,. t
1) heating to 1200°C in two minutes at a constant rate *&l
%.
2) holding for 5 minutes at 1200°¢c L:'
3) cooling at lOOC/s to the test temperature and By !
q'l
testing upon reaching the test temperature. ‘fkﬁ
Prior to the selection of this procedure, several ';”
V _’-'
aspects of the test technique were evaluated. Two ;?}
.~.~.-' y
parameters which were examined were annealing time and iﬁ:l
"ot P
temperature, and effective strain rate. ';

.
-
"o,
& .r-"k
&
-
-

4.1.1 Annealing Time and Temperature

The annealing time and temperature control the prior
beta grain size, which has been shown to influence high
temperature ductility (59). Five minutes at 1200°C was
found to be long enough to insure complete transformation to
beta and to provide a consistent prior beta grain size of
approximately 0.3 mm. In some cases, other combinations of

annealing time and tempersature were used. These will be
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Table 4.1 ).
i
Pﬁ'
Compositions of Materials Used P!
J'.'J‘,‘
s
Alloy Composition in Weight Percent -8
PACYN
Al v 0 H N Fe B
DA
)
"::'_fr
CP Ti ety
(1) 0.1 0.002 0.11 0.09 L)
Rty
Ti-6A1 e
(2) 5.89 A
.-.\.-’
« ™
Ti-6A1-2V S
(2) 5.91 1.98 °
(3) 5.42 2.05 0.126 0.003 0.04 .:’,T::
(4) 6.05 2.03 0.107 0.001 :J-:.-.
s
Ti-6A1-4V v
(1) 6.10 4.20 0.200 0.009 0.02 0.02 T
(5) 6.00 4.10 0.200 0.007 0.02 0.18 ¢
(2) 5.98 4.02 0.04 R’f’:\
LSS
5'
Ti-6A1-6V Y
(2) 5.96 5.82 0.09 o
(3) 5.91 6.09 0.095 0.002 0.06 S
(4) 5.76 5.93 0.116 0.003 0.05 ®
¥y
l'~
o)
i,
Al Mo o} H N Fe RN
[
Ti-6A1-2Mo "
(2) 5.83 1.80 0.01
\
Ti-6A1-4Mo '
(2) 5.83 4.01 0.04
Ti-6A)-6Mo
(2) 5.86 6.39 0.02

N
S
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k Table 4.1 (cont.)
Alloy Composition in Weight Percent
‘ Al Nb o} H N Fe
Ti-6A1-2Nb
(2) 6.23 2.14 0.01
+ Ti~6A1~6Nb
(2) 6.03 6.38 0.02
Ti~6A1~4Nb
(2) 6.06 4.32 0.02
‘ (3) 6.36 4.06 0.093 0.00! 0.04
(4) 6.25 3.93 0.040 0.003 0.04
Al Mo Ta Nb 0 H N Fe
Ti-6211
(1) 5.7 0.68 1.0 2.1 0.068 0.010 0.004 0.04
(6) 6.0 0.81 0.9 1.9 0.071 0.009 0.005 0.09
(7) 5.9 0.60 0.9 2.0 0.056 0.0l1 0.008 0.09
Al Vv Nb 0 H N Fe
+ Ti-6A1-2V-2NB
(3) 5.69 1.92 1.70  0.103 0.006 0.06
(4) 5.67 2.13 1.92 0.109 0.004 0.11
P
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Table 4.1 (cont.)

Sources of Material Used

(as Noted Above)

0.25 in.
I1st batch

diameter rod supplied by Astro

(2) 250g buttons supplied by TIMET

(3) 0.5 in. diameter rod supplied by TIMET,

(4) 0.5 in. diameter rod supplied by TIMET,

0.25 in.
2nd batch

(5) diameter rod supplied by Astro

0.5 in.
material

(6) thick plate supplied by RMI,

(H)
(7) 0.5 in. thick plate supplied by RMI},
-no varestraint cracking (N)

4 ‘ . "J‘-r.:v( . u' -(\J' .;.I' AL ”I.’-‘{I_;-'__-‘,"'-'\\-‘_‘-" .-__.-5'.

Hayduk thesis

last material
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N4
noted in the discussion of the hot ductility test results. S
-J;.:_i .
pE
4,1.2 Effective Strain Rate g&
oy
‘-"‘.
The selection of effective strain rate was important to pﬁ'
. &
insure that the tensile testing was carried out under L,
LAY
f‘ 4
.
isothermal conditions and to insure sample to sampie 5}»
‘A"-F"
l'. -
consistency. Because the Gleeble is a closed-loop b;l
®
(feedback-controlled) system, the actual tensile testing had ‘ﬁf
hid
to be done with the heat turned off. Too low a8 strain rate }::i
f
("‘-I'
allowed the sample to cool prior to fracture but too high a 3??
[
strain rate resulted in excessive adiabatic heating of the Y
J',:f.
PR
sample. This problem, manifested as the inability to ﬁ?
S,
accurately control the specimen temperature during tensile ;“ff
L
testing, can be seen in the Gleeble test results of Lewis ]
-~
NSRSy
N (49). Because of this, the results of his ductility mapping S
23 S
oA
are confused by the uncertainty of exactly what t&;
@
microstructure was being testing in any given situation. ?33
a0
Several factors combine to determine the effective L;:
O
strain rate in a Gleeble specimen, including sample yff
®
configuration and material, test temperature and T
longitudinal thermal gradient, and programmed crosshead .?QQ
displacement rate. The specimens used in the fnitial {-ﬂ
screening tests were 6.3 mm diameter rods, approximately 10 1%S
.:_\}\,
cm long and threaded on both ends. When loaded in the t;ﬂ
-’\"\
N
Gleeble test system, this sample configuration resulted in a .5¢H
®
'\::*
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free span of approximately 2 cm, as shown in Figure 4.1.
The specimen is clamped between water cooled copper
jaws and resistance heated by passing a current through the

sample. Specimen temperature is monitored by a 0.010"

diameter thermocouple spot welded to the specimen surface at

the center of the free span. Type R (Pt versus Pt-13%Rh)
thermocouples were used. The programmed temperature is
maintained at the specimen cross-section to which the
thermocouple is mounted. This, combined with the water
cooled jaws, creates a longitudinal thermal gradient in the
sample, shown in Figure 4.2. Because of this gradient, the
deformation is concentrated in an effective gauge length, a
small portion of material at the specimen center. The
longitudinal thermal gradient has been extensively
characterized by Duffers Scientific, Inc., the manufacturer
of the Gleeble (7%5). They have found that for a wide range
of test temperatures, the effective gauge length is the
portion of the sample at a temperature higher than
approximately 90% of the peak temperature. Duffers has
reported that for most situations, "“carbon steel" has an
effective gauge length of approximately 25% of the free
span. For "stainless steel", which has a thermal
conductivity nearer to that of titanium, they reported that

the effective gauge length is about 337 of the free span.
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This value, 33% of the free span, was used by Lewis in the
calculation of his effective strain rates (49). This value
also agrees with examination of failed specimens. In
samples that failed at temperatures above room temperature,
the deformation was contained in the center 1/3 of the free
span. Based on this, the effective gauge length for
constant diameter titanium rods with a 15mm - 25mm free span
was defined as the center 33% of the free span. However, if
the sample has a substantially longer or shorter free span
the effective gauge length will change. Also, if the sample
contains a reduced section, the effective gauge length will
be a portion of the reduced length which is larger than 33%.

Crosshead displacement rates from 0.0l cm/s to 10 cm/s
were used. This led to effective strain rates of

I t0 15 s7!. The ductility behavior

approximately 0.0015 s
was not observed to change over this range of strain rates.
This agrees with the results of Lewis (49). Therefore, it

was determined that changes in specimen geometry would not

greatly affect the results of the hot ductility testing. A
crosshead displacement rate of | cm/s was chosen for the

remainder of the investigation. This value was selected as

best minimizing both sample cooling and adiabatic heating.
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4.1.3 Results of Initial Screening Tests

The initial screening tests showed that the hot
ductility dip reported by Lewis and Caplan (6) could be
reproduced using the CSM Gleeble facility. DOuctility,
measured as reduction in area, is shown as a function of
temperature for Ti-6211, Ti-64, and Ti-6A1-2V-2Zr in Figure
4.3. When tensile tested during cooling at 10°C/s, Ti-6211
was found to have a large ductility loss, Ti—-64 a small

loss, and Ti-6A1-2V-27r a moderate loss.

4,2 CCT Diagram Development

Partial CCT diagrams, covering the range of cooling
rates used in the hot ductility mepping, were developed for
several model alpha-beta alloys. The alloys studied in this
and the following sections of the experimental procedure are
listed in Table 4.2. Prior work (6, 53) has shown that the
high temperature ductility loss is associated with the
presence of 5%-67% aluminum in combination with a beta
stabilizer. Therefore, the alloy matrix was based on Ti-
6A1., Vanadium, molybdenum, and niobium each affect the beta
lattice parameters differently, Figure 3.15, so these
elements were chosen as ternary additions to evaluate the
lattice fncompatibility effect. These elements also differ
in their effect on phase stability, and ranked in terms of

decreasing beta stabilization, have the order: vanadium,
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» Tabte 4.2
Matrix of Alloys Tested
Alloy Tests Performed
CCT Lattice Parameters Hot Ductility
unal loyed
# titanium x x x
Ti-6A) x x x
Ti-6A1-2V x x x
4V x x X
L ()Y x x x
Ti-6A)-2Mo x x
4Mo x x
6Mo x b4
Ti-6A1-2Nb x x
4Nb x x x
6Nb x x
Ti-6211 x x x
Ti-6A1-2V-2Nb x x X
) Y
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niobium, and molybdenum (7,76-78). In the absence of
information regarding the effect of these elements on the
kinetics of the beta to alpha transformation, it was hoped
that these alloys would also provide a wide range of
microstructures. Other alloys investigated included
unalloyed titanium (CP Ti), Ti-6A1-2Nb-1Ta-0.8Mo (Ti-6211),
and a series of Ti-6Al1-2V-Zr qguaternary alloys. These
alloys were included primarily because of their ready
availability and technological importance.

The purpose of the initial alloy matrix was twofold.
First, it was used to document the transformation behavior

and the lattice incompatibility of these specific alloys.

97

This atlowed specific alloys to be chosen for hot ductility

testing which, on the basis of the lattice incompatibility

model, were expected to display a given type of hot

ductility behavior. The second purpose of the alloy matrix

was to provide a data base from which to predict the
transformation behavior and to estimate the lattice
incompatibility of alloys not specifically included in the
matrix, but containing the same alloying elements.

The alloys in the inftial matrix were obtained from

severa) sources, with commercially available material being

used whenever possible., Several alloys were fabricated at

the Naval Research Laboratory in the form of small ingots,
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or buttons. These ingots were triple-arc-remelted in a

purified argon atmosphere, then beta-worked and beta
annealed in air. The final ingots were ground to remove the
interstitial-contaminated layer, picklecd in 8 mild version
of Kroll’s reagant, and analyzed for content of the major
alloying elements using wavelength—-dispersive-spectroscopy.
The hardness of these buttons was also tested as a screen
for excessive interstitial content (79). Additional 250
gram ingots were provided by TIMET, supplied in the hot-
rolled condition. These ingots were homogenized for 6 hours
at 1100°C, cold-rolled 15%, and recrystallized for 30
seconds at 1000°C to produce a prior beta grain size of
approximately 0.1 - 0.5 mm. The bulk of the Ti-64 and Ti-
6211 used in this investigation, and the CP Ti, were
supplied by Astro Metallurgical in the form of beta-worked
0.25 in. diameter rod. Additional Ti-64 and Ti-6211 were
supplied by TIMET and RMI in the form of either beta-worked
plate or alpha—-beta worked plate. The compositions of all
materials are given in Table 4.1.

The CCT diagrams were developed for these alloys using
radial dilatometry and the Gleeble 1500 thermal mechanical
testing system. The sample and dilatometer configurations
are shown in Figures 4.1 and 4.4, The samples were

thermally cycled as described in the initial hot ductility
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Figure 4.4 Gleeble radial dilatometry fixture,
clamped between two quartz rods,
¢ positions of which are measured by an LVDT.
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P testing and cooled at constant rates varying between ﬂ."
i »
0.l7°C/s and 100°C/s. Constant cooling rates were selected &@
’
for their consistency, repeatability, and ease of
r programming. The transformation start and finish @
“~ '/-
temperatures were detected by a slope change in the radial jﬂ:i
v
IR,
dilation when pliotted against temperature, figure 3.13, and {ﬁq
ey
P verified by metallographic examination. When cooling rates [
o (]
of 50°C/s or higher were used, the conductive cooling qu
through the jaws in the Gleeble was not adequate to prevent - 3&&
B a slight thermal arrest during the transformation. In some t§ 
.:\'.;_
instances, this could be prevented by flooding the specimen x?
surface (and inside surface of tubluar specimens) with Q%i‘
hetium. However, in cases where a thermal arrest did occur,
b7
only a transformation start was recorded. At the highest e
-/ -
Y
cooling rates used, helium quenching was combined with a {%
o
very short specimen free span. The dilatometry fixture ;.
ooy
could not be used in these cases so the transformation start -:;
RS
was detected by the start of the thermal arrest, and no ~;5
IR
transformation finish temperature was noted. Figure 4.5 '.
shows the CCT diagram developed for Ti-6211. !
s
A
It is important to again note that caution must be used Q¢$
N
when attempting to apply a CCT curve to any situation other ;'
than the one under which it was developed. 1In the case of -3:
Pt
this study, the cooling cycles and specimen gecmetries used 5&\
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in the CCT diagram development were identical to those used
in the hot ductility studies and the dilatometry/thermal
expansion coefficient determination.

Tne feasibility of using neutron diffraction to make
in-situ measurements of transformation kinetics was
examined. Preliminary work was done in this area using the
facility at the Danish National Laboratory at Risg. The
procedure used was to monitor the diffracted intensity of
the beta phase as it diminished during the transformation.
The experimental setup was not sufficiently developed to
obtain data which could be used to accurately fit kinetic
equations. However, the potential of the technigque was
demonstrated and the transformation start and finish points
measured agreed reasonably well with those obtained
dilatomtetrically. A report of the neutron diffraction
transformation kinetics measurements is included as Appendix

A.

4.3 Lattice Incompatibility Measurements

The investigation of the lattice incompatibility mode)
required that the correspondence between lattice
incompatibility and hot ductility dip susceptibility be
established. ldeally, this required that the tattice
parameters of both phases be known during the beta to alpha

transformation. Unfortunately, the measurement of
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5
5
Y
L. diffraction peak positions several times a second during ’.:_’
continuous cooling conditions was not possible with the :;_(‘,
o
available experimental facilities. In lieu of this, the '.:?
H. lattice incompatibility was determimned by combining two -.‘,_
techniges, lattice parameter measurements made using high- "’“
temperature wavelength-dispersive x-ray diffraction and ":2
radial dilatometry. Each of these tests will first be ;o
discussed individually, and then with respect to the ’
procedure for the calculation of lattice incompatibility :‘j
€ values. i;
Although not used in this investigation, lattice
parameter measurements were also made using energy- (;:_:
® dispersive spectroscopy at tne Synchrotron Radiation :é
Facility at Stanford University, and using neutron :::
diffraction at the Danish National Laboratory at Risg. Ef(‘
e
® These results are presented in Appendix B. ;
Ge)
4.3.]1 X-Ray Diffraction %E
The equilibrium lattice parameters of the alpha and ;':‘?
‘ beta phases of the model alloys were measured at CSM using .
three facilities. The room temperature lattice parameters \::_
were measured using the room temperature diffractometers in \
‘ both the Metallurgical Engineering and Physics departments. %
The Metallurgical Department facility uses a Philips XRG ;'::"_
3100 generator, a scintillation detector, and output to a ;:
] : ,
o

DB,

XN
If'~

YV
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chart recorder. The Physics Department system uses a Rigaku

Rotaflex RU-200 Rotating Anode generator, a scintillation
detector, and is controlled via a Rigaku MCD Control /Data
Processing Unit. Again, output fs to a strip-chart
recorder. The high temperature measurements were made on
the Metallurgical Engineering Department high temperature
diffraction system. This system consists of a Philips XRG
3000 generatof and a proportional counter, with
Philips/Carpenter electronics and output to a strip chart
recorder. A Philips/MRC high vacuum, high temperature
specimen chamber was used after being modified to meet the
particular requirements of this investigation (discussed
later). Cu Ka radiation was used in all cases. Because
low-angle peaks were used, the K-alpha and K-alpha 11
doublets could not be resolved. Therefore, a weighted
average of their wavelengths, 1.54184 A&, was used as the
wavelength of radiation (80). The strip-chart recorder
traces were evaluated manually and the peak positions were
taken to be the peak center at half-maximum intensity.
Specimens were prepared by mechanically grinding to a
600 grit finish, pickling in a solution of 2% HF, 30% HNO3'
and 68% HZO' and rinsing in methamnol. Room—-temperature

measurements used bulk specimens of several different sizes

and geometries. Two commonly used sizes were 20mm X Z20mm X
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4mm, and 35mm X 6mm X 4mm.

For the high temperature testing, the Philips/MRC
specimen chamber was modified to meet the requirements of
this investigation. The specific requirements of this
investigation, combined with the 1imitations of the existing
equipment, were unusual enough to prevent the use of
establ ished experimental techniques (81). Obviously, the
specimen had to be kept flat and held in place in the
focussing circle. However, because the experimental setup
used a horizontal goiniometer, the specimen had to be held
vertically. Above room temperature, the irradiated area of
the specimen also had to be maintained at a constant, known
temperature, and be kept free of interstitial contamination.
The final requirement was that no material other than the
sample be in the irradiated area.

Three sample configurations were developed to meet
these requirements, and are shown in Figure 4.6. The bulk
of the data was obtained using the configuration shown in
Figure 4.6(c) and Figure 4.7. This final specimen
configuration was a plate, 35mm X émm X Imm, with a8 3mm hole
in one end and a Imm hole in the other end. The sample
spanned water cooled supports and was resistively heated.
One end of the specimen was clamped to the support and the

other end was held in place by a spring which was pre-loaded
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Figure 4.7 High-temperature x-ray sample, holder, and
chamber assembly.

1w ,
XK

-~
T B T
( EEL

<
LR

i AN ,A- .I.A M -‘ -‘—“ ' X -' .. K ) ‘ A ﬁ.y" o ."‘- ~xh \“.-':"‘.-‘A. o~ "."..""'.‘ o -{ "-”' O -.". " .'f.'(
Vo9, V. NG V4§ P L Ai 2 2 A L) v o WV X W Aol il

s



W Wy
"n'!.l'ﬁ VS N T RO N,

T-3393 108

so that it exerted a tensile ioad on the specimen. Because
of the large volumetric expansion that occurs when alpha
transforms to beta, this tensile loading was needed to keep
the specimen relatively flat and in the focussing circle for
beta measurements. A 0.010 in. diameter thermocouple spot-
welded to the underside of the specimen surface was used to
monitor the specimen temperature. Both type K (Chromel-
Alumel) and type R (Pt versus Pt-137%Rh) thermocouples were
used with a reference junction maintained at approximately
room temperature. The thermocouple output was then adjusted
to reflect the use of a room~temperature reference junction
rather than OOC. All high-temperature lattice parameter
measurements were made in flowing high-purity helium.
Specimen appearance was used as a method of monitoring the
extent of interstitial contamination, and data from samples
which showed evidence of extensive contamination was
discarded. The high-temperature specimen and chamber
configuration is shown in Figure 4.7.

To maximize the accuracy of the lattice parameter
measurements, it was necessary to compensate for errors
inherent in the x-ray diffraction procedure. The steps take
to minimize interstitial contamination have already been
discussed. Additionally, two particular sources of error

were addressed in the procedures developed for processing
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P the x-ray diffraction data. These are gross misalignment of
the specimen due to incorrect specimen loading, and the
systematic errors inherent in mechanical diffractometry in

b general.

4.3.1.1 Misalignment Due to Specimen Loading The

al ignment of the high temperature diffractometer varied
somewnat from sample to sample because of the manual nature
of the specimen loading and alignment procedures.

Therefore, the diffraction peak positions measured in either
of the room-temperature diffractometers, which were far more
reproducabie, were used as standard values. These values
are given in Table 4.3. The high temperature diffraction
peak positions for each sample were then normalized to these
standard values. This was done by duplicating the room
temperature runs with the high temperature diffractometer
and comparing the individual peak positions from the two
data sets to obtain a correction factor for each peak. This
correction factor was then applied to all high temperature
measurements of that particular (hkl) diffraction peak
position in that sample. This procedure is illustrated in
Table 4.4. For the beta phase, room temperature diffraction
peaks were usually not available for direct comparison. In
these cases, the correction factor for the beta peaks was

obtained by interpolation between the correction factors of
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Standard Values for Room Temperature Diffraction Peaks

Alloy
010

002

(A

Table 4.3

1.54184 1)

26 (°) for listed hkl reflections

011

012

110

103

112

&2 A
‘hIA

ANy

L1

Vo
-

L4

. o T Y ]
5 @ BRARE

110

-

01 <
¢ 1)

Ti 35.39

Ti-6A1
35.44

Ti-6A1-2V
35.46

Ti-6A1-4V
35.45

Ti-6A1-6V
35.46

Ti-6A1-2Mo
35.20

Ti-6A1-4Mo
35.35

Ti-6A1-6Mo
35.42

Ti-6A1-2Nb
35.25

Ti-6A1-4Nb
35.30

38.

38.

38.

38.

38.

38.

38.

38.

38.

38

59

56

53

60

43

41

63

43

40.

40.

40.

40.

40.

40.

40.

40.

40.

40.

44

46

50

48

57

25

42

48

24

41

53.

53.

53.

53.

53.

53.

53.

53.

53.

53.

25

19

4]

34

43

18

22

33

15

20

63.44

63.48

63.60

63.59

63.77

63.26

63.41

63.60

63.29

63.36

70.

71.

71

71

70.

70.

71

70.

70.

67

11

.04

.20

89

95

.08

79

88

, e,

76.72

76.77

76.93

76.85

77.02

76.53

76.717

76.88

76.49

76.68

T ‘z.-l,.d'

77.40 ‘s‘.;m )

78.08

78.17
78.16 ¢
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) Tabie 4.3 (cont.) ®

e

Alloy 20 (°) for listed hkl reflections .
010 002 011 012 110 103 112 201 .

)

r—
.l

Ti-6A1-6Nb
35.32 38.40 40.40 53.30 63.41 70.89 76.81 78.15

et

_e_a_»
§ KA
i

2L Ll

Ti-6211
) 35.32 38.47 40.37 53.18 63.28 70.85 76.60 77.85 ®

v
;
L

Ti-6A1-2V-2Nb ppliy
35.35 38.46 40.43 53.26 63.51 71.02 76.82 78.10 o
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Table 4.4

(Shown for Ti-6A1-2Nb)

Example of Diffraction Peak Correction Procedure

LY

Temperature hk1 298 26 Correction 26
Standard Corrected
ol10 35.39 35.25 -0.19 35.25
002 38.54 38.43 -0.11 38.43
ol1l 40.46 40.24 -0.22 40.24
012 53.30 53.15 -0.15 53.15
110 63.50 63.29 -0.21 63.29
112 76.77 76.49 -0.28 76.49
201 78.03 71.79 -0.24 77.79
010 35.31 -0.19 35.17
002 38.42 -0.11 38.31
ol11 40.37 -0.22 40.15
ot2 53.15 -0.15 53.00
110 63.33 -0.21 63.12
112 76.51 -0.28 76.23
010 35.19 -0.19 35.05
002 37.31 -0.11 38.20
011 40.22 -0.22 40.00
012 53.00 -0.15 52.85
110 63.16 -0.21 62.95
112 76 .34 -0.28 76.086
201 77.56 -0.24 77.32
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* surrounding alpha phase peaks. ' ®

t'fi'f'{

4.3.1.2 Systematic Errors A second source of error in

P
-

Tl

b lattice parameter calculation based on x-ray diffraction is

the error in measurement of the peak positions themselves.

£
o

Based on Bragg’s law, N\ = 2dsin(8), the effect that an

,_-.,
SRty
e

error in peak position measurement, A8, has on calculated

plane spacing, Ad, can be expressed as a function of 8, ;?\
d(d)/d = —-cot(e) de. ldeally, diffraction peaks occurring §?7
near 260 = 180O would be used because -cot(8) = 0 at 28 = iﬁl-
180° so an error in measured peak position near 26 = 180° §:5=

5.
b

o

o]

results in the smallest possible error in calculated d

K \
spacing. In this investigation, most higher index peaks :
[
were not intense enough to use. This forced the the use of Q{f
S
peaks which, with weighted Cu Ka radiation, A = 1.541844, R
o) o o
had 26 values between 30 and 80°. Fortunately, the N

«
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|
¥

combination of careful experimental technique and the

o

T )

extrapolation of calculated lattice parameters against a

AR LSRN
. ¥
)

g
L

specific function of 8 to 26=180° should theoretically
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s ®
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result in lattice parameters with an accuracy of

2

approximately 0.001&R (80, 82).
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The function of 6 selected to use in the extrapolation
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of calculated lattice parameters to 29=180° depends on the

7,
2

type of apparatus used, or more correctly, on the errors
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b thoroughly discussed in references 80-84., In this
investigation, an extrapolation parameter of cosze/sine was
used. This parameter was combined with Cohen’s method (83-
P 85) of least squares fitting to calculate lattice
parameters. When presented in the Results and Discussion
section, data processed in this manner will be labelled with
} the suffix "ANG". For comparison, a second data processing
method uas used which averaged all of the possible lattice
parameter combinations calculated from a set of diffraction
b peaks. Data processed in this manner will be labelled with
the suffix "MUL". A discussion of the development of these
data processing methods is included as Appendix C. This
appendix also includes BASIC computer programs written to
implement these data processing methods. The effect that
the choice of data processing method can have on calculated
parameters is addressed in Appendix D, a discussion of the
errors involved in the lattice incompatibility measurements
in general. To facilitate the direct comparison of the
alpha and beta lattices, the lattice parameters of each

phase were used to compute the volume of a 2-atom cell.

4.3.2 Lattice Incompatibility Calculation

The hot ductility dip is associated with dynamic
cooling conditions where the transformation takes place at

temperatures below the equilibrium transformation

OO OO i
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temperatures. Hence, some method of approximating the
lattice parameter of the non-equilibrium beta phase which is
retained at a given cooling rate was required. This was
accomplished by combining the equilibrium lattice parameter
measurements with radial dilatometry at the desired cooling
rates. The specifics of Gleeble dilatometry were discussed
earlier and the experimental apparatus is shown in Figure
4.4, Figure 4.8 shows a Gleeble dilatometry curve for Ti-
6211 held at 1200°C for five minutes and cooled at 10°C/s.
This curve can be used, for these specific conditions, to
relate the size of the sample at any temperature to the size
of the sample at 1200°C. Because the volume/atom of the
beta phase existing at 1200°C is known from the lattice
paramteter measurements, the dilatometry data can be used to
calculate the size of the beta lattice at any temperature,
provided it is cooled from 1200°C at 10°C/s. Examplies of
this calculation are shown in Figure 4.8.

In this inv