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Summary ,
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1
h
In all cases of discontinuous SiC/Al metal matrix it was pre- v
- viously shown that classical composite strengthening mechanisms ’
.Q'
2 could not be used to explain the data. A high dislocation
B density model was proposed to account for the strengthening,
z

but other factors such as residual stress and texture could
contribute. These were investigated and it was shown that +

texture had no effect and residual stress reduced the tensile

7 X%

yield stress. The fracture process is matrix controlled up to

SiC particle sizes of 20 ym and above where fracture of SiC

R

o

begins to dominate. The matrix is influenced by residual hydro-

E; static tension and high density of dislocations generated at i
. SiC/Al interfaces. Crack initiation fracture toughness does %
3 )
i not depend on SiC particle size. Crack growth fracture tough-

3 ness increases as the size of the SiC particles increases. :
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ANOMALOUS DIFFUSION AT INTERFACES IN
METAL-MATRIX COMPOSITES

R. J. Arsenault
University of Maryland
College Park, MD 20740, USA

C. S. Pande

Naval Research (aboratory
Washington, DC 20375-5000, USA

ABSTRACT

A Dbasic premise of most theories of ccmposite
strengthening is that a bond of some type exists
between the matrix and the reinforcement. Such
bonding, in two composites, A1-SiC, and Cu-W was
investigated by high resolution electron micros-
copy and scanning Auger microprobe analysis. The
chemistry and microstructure of the interfaces
were 1investigated in detail. Surprisingly high
penetration of the matrix into the reinforcement
was detected by the Auger analysis. Independent
x-ray analysis in thin films of the composites in
STEM confirmed the Auger results in Al-SiC,
Observed penetration depths were several order of
magnitudes higher than that predicted by a bulk
diffusion mechanism.

IN ORDER TO HAVE UBSERVABLE PENETRATION of one
element (A} into a solid block of a second ele-
ment (B) at least two requirements have to be
satisfied: first, there has to be some solu-
bility of A in B, and second, the rate, i.e., the
diffusivity, has to be rapid enough so that the
investigation can be completed in a reasonable
amount of time. Because of the considerable
interest in composites consisting of SiC in Al
alloys matrices -(1,2), the nature of the inter-
face between SiC and Al is important.

There have been several investigations of
the diffusion of Al into SiC (3,4), where Al is
used as an agent in the sintering of SiC. Al has
also been used in the joining of SiC pieces (5).
Chang et al (3) and Tajima et al (4) obtained the
activation energy of diffusion and Dy. However,
these investigations were conducted at high tem-
peratures (-2000 K). A solubility limit of 1 wt%
Al in SiC at 2073 K was determined by an ion
implantation investigation (6). There have been

Research support in part by the Office of Naval
Research under Contract No. N0OQO14-85-K-0007

several investigations of the reaction of Al and
SiC to determine the conditions under which Al4C3
will form (7-9). All of these investigations
were conducted at temperatures above the melting
point of Al, and in most cases reactions were
reported. Iseki et al conducted a systematic
investigation of the reaction molten Al with two
different types of sintered SiC (5). In one
case, they observed a reaction with the formation
of particles of Al4C3 of about 0.1 to 1 wum in
diameter. In the other case (which had excess Si
in the SiC) Al4C3 did not form, but they did
find, by means of transmission electron micros-
copy (TEM), that cracks had formed in the SiC due
to the difference in thermal coeficient of expan-
sion.

The purpose of this investigation was to
determine whether a reaction between Al and SiC
had occurred during the fabrication of commercial
SiC/Al composites produced by ARCO-Silag and DWA,
We also wanted to determine if any Si or C had
diffused into the Al matrices or if the highly

unlikely case of Al diffusion into SiC had
occurred.
RESULTS
A scanning Auger microprobe analysis* was

undertaken of fractured SiC/Al samples from com-
posites purchased from ARCO-Silag. These samples
were produced by hot pressing Al powder and SiC
whiskers, followed by hot extrusion. Although
the exact maximum temperature to which the com-
posite was exposed is not known, it was less than
933 K. These samples were fractured in the scan-
ning Auger microprobe and examined shortly there-
after. There were no differences in signal as a
function of position; in other words, a 100% Al
signal was obtained from the matrix as well as
from all possible areas on the SiC whiskers, as

*The Auger microprobe analysis was
the Center for Research in Surface

performed at
Science and

Submicron Analysis, Montana State University.




AL
n

RGO E

shown in Figure 1. A possible explanation of the
essentially 100% Al content on the whisker is
that the Al could just be mechanically adhering.
This is analogous to having a coating of butter
on a knife when it 1is pulled out of a tub of
butter. Therefore, a series of etching experi-
ments were conducted in the microprobe, but it
was only after considerable sputtering (which is
basically an Ar ion milling operation) that a Si
and C signal could be obtained. The sputtered
etching was interrupted at intervals and surfaces

of the whiskers were examined, there were no
indications of SiUp, Alp03, Al4C3.  The fracture
surface had to be sputter etched to a consider-

able depth before Si or C was detectable., Figure
2 is a scanning electron micrograph (SEM) taken
in the microprobe after sufficient sputter
etching had taken place so that SiC could be
detected. This result led us to the belief that

the Al had diffused into the SiC.

*

Fig. 1 -~ A SEM micrograph taken in the Auger
microprobe of the fracture surface of a whisker
SiC-Al composite.

10.9KY « 0811

Fig. 2 - A SEM micrograph taken in the Auger
microprobe of the surface of SiC-Al composite
after sputter etching (Ar fon milling).
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In order to determine whether this is a real

effect and not a sputtering artifact, several
samples, which were metallographically polished,
were examined in the Auger microprobe. The data

from a platelet of SiC sample from DWA, are shown
in Figure 3. The samples were produced by hot
pressing Al alloy powder with platelet SiC, and
again, the exact temperature at which the hot
pressing occurred is not known, In the SEM the
scanning Auger probe traces are superimposed:
one for Al and the other for Si. This shows that
Al has penetrated or diffused intec the SiC, but
there is no Si or C in the matrix. When the
sample was sputter etched and the process
repeated, the result was basically the same,. In
order to determine the effect of sputtering
(i.e., could the sample surface become cross-
contaminated by the sputtering operation), the
sample was removed, etched slightly with Keller's
etch, and then put back into the microprobe. The
process was then repeated and again the same
results were obtained. Figure 4 is the detailed
Auger probe analysis of the Si and Al traces; the
C trace superimposes right on the Si trace. The
interface is then defined as having finite width
which is the maximum probe size that 1is associ-
ated with the scanning microprobe apparatus.

Fig. 3 - A SEM micrograph taken in the Auger
microprobe, on which the Al and Si Auger probe
t races have been superimposed.

A scanning transmission electron microscope
(STEM) analysis was conducted on SiC/Al samples
in order to further validate these results, and
Figure 5 is a result of an energy dispersive X-
ray analysis from the STEM using a thin foil of
the composite. It is obvious that again there is
evidence of Al diffusion into the SiC. In this
particular case the probe size is much smaller
(~5.0 nm) than that in the scanning Auger analy-

sis. The thickness of the specimen was 100-150
nm {accelerating voltage, of the electrons 200
kV); thus, the spatial resolution of the tech-

nique was about 30 nm, several times times smal-
ler than the range of penetration observed.

Arsenault & Pande
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! significant concentration of Al in the SiC. The
: nature of the Al in SiC, i.e., whether it is
| interstitially, substitutionally, or nonuni -
: formally distributed, is not known. [t may be
! possible that very small microcracks occur along
! the microtwin boundaries in the SiC. Figures 6
: and 7 are TEM of a SiC whisker and a SiC plate-
1 let, respectively, The stirations in the SiC
: have been identified as microtwins (10). It
| should be kept in mind that Iseki and co-workers
! (5) has reported the existence of microcracks in
' SiC due to difference in coefficient of thermal
expansion between Al and SiC.
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Fig. 4 - An Auger microprobe analysis of SiC-Al.
The relative intensities of Si and Al are plotted
across the matrix, a particle of SiC and again
the matrix,
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Fig. 6 - A TEM micrograph of SiC whisker produced
by ARCO-Silag.
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l Fiy. 5 - A STEM EVDAX analysis of Al concentration
as a function of Vocation (Ia)/Igj plotted in
arbitrary units).

¥§
N DISCUSSION

In the Introduction, it was mentioned that a

&q solubility limit of 1 wt%¥ Al in SiC had been
« measured at 2073 K. However, the maximum temper-
‘- ature .to which these samples were exposed was
less than 933 K. Warren and Anderson have

<. theoretically produced two constant temperature
(« terniary diagrams at 773 K and 1073 K for SiC-
OAL-C, In both of these diagrams there is zero

solubility of Al in SiC. However, from the Fig. 7 - A TEM micrograph of a SiC platelet which

|
"~ second law of thermodynamics the presence of Al was produced by DWA,
.+ in S5iC can be explained, for is a reduction in
" the free eneryy due to entropy of mixing, but if As stated above, the observations of Al
the solubility limit is 1 wt%t at 2073 K it is penetration into SiC to the extent observed are
' very difficult to understand how the solubility unexpected. There have been at least two
Eé Could be yreater at less than 933 K. If an investigations of Al diffusion into SiC (3,4),
approximation is made for the relative intensi- and from those investigations it is possible to
ties of 5iC and Al, it appears that there is a calculate the mean diffusion distance X at 773 K,
B
b
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where U = Uge -Q/RT, t is the time of diffusion,
Q for Al-SiC system is 471 kd/mol, and 0, equals
1.8 cm?/sec.  The value of X is less than 0.1 nm
per year, (The values of Dy and Q given in
literature vary substantially from each other.
However, all of these values give a value of X
orders of magnitude lower than the observed pene-
tration.) Obviously, this does not agree with
the present data.

CONCLUSIUNS

From a consideration of the experimental
results, the following conclusions can be made:

1. It is highly unlikely that the presence
of Al in SiC can be explained by a conventional
diffusion analysis.

2. It 1is possible that the penetration
observed is due to the presence of Al along
microcracks which may occur at the microtwin
interfaces. The microtwin interfaces themselves
should not act as short circuit diffusion packs.

3. It is possible that the observed pene-
trations of Al into SiC are experimental arti-
facts.

ACKNOWLEUGMENTS

The authors wish to acknowledge M. Lammers
of the University of Maryland Tor assistance with
the experiments. Liaison with Dr, S. Fishman of
the Uffice of Naval Research in Arlington, VA has
been very helpful to this project.

REFERENCES

1. Arsenault, RJ., Met. Sci. and Eng. 64, 171
(1984). T

2. Arsenault, R.J. and Fischer, R.M., Scripta
Met 17, 67 (1983).

3. Chang, H.C., LeMay, C.Z., and Wallace, L.F.,
"Silicon Carbide," p. 496, Pergamon Press,
Oxford (1960).

4, Tajima, Y., Kijima, K. and Kinery, W.D., J.
Chem. Phys. 77, 2592 (1982).

5. Iseki, T., Kameda, T., and Maruyama, T., J.
Mater. Sci. 19, 1692 (1984).

6. Tajima, Y. and Kinery, W.D., Com. of the Am.
Cer. Soc., C-27 (1982).

7. Clinton, D.J., Lay, L.A., and Morrell, R,,
NPL Rept. Chem. 113, 4 (1980).

8. Kohara, S. and Muto, N., J. Jpn. Inst. Met,
45, 411 (1981).

9. MNaidich, N.B. and Nevodnik, G.M., Bull. Acad.
Sci.-USSR-Inorganic Materials 5, 2066 (1969).

10. Feng, J., unpublished research of the Metal,.
Mat. Lab., University of Maryland (1980).




An In Situ HVEM Study of Dislocation Generation 8
at Al/SiC Interfaces in Metal Matrix Composites

25 KBS

MARY VOGELSANG. R.J. ARSENAULT, and R. M. FISHER

-~
.~

Annealed aluminum/silicon carbide (Al/SiC) composites exhibit a relatively high density of dis-
locations, which are frequently decorated with fine precipitates, in the Al matrix. This high dislocation
density is the major reason for the unexpected strength of these composite materials. The large
difference (10:1) between the coefficients of thermal expansion (CTE) of Al and SiC results in
sufficient stress to generate dislocations at the Al/SiC interface during cooling. In this in situ
investigation, we observed this dislocation generation process during cooling from annealing tem-
peratures using a High Voltage Electron Microscope (HVEM) equipped with a double tilt heating
stage. Two types of bulk annealed composites were examined: one with SiC of discontinuous whisker
morphology and one of platelet morphology. In addition, control samples with zero volume percent
were examined. Both types of composites showed the generation of dislocations at the Al/SiC
interface resulting in densities of at least 10" m ™. One sample viewed end-on to the whiskers showed
only a rearrangement of dislocations, where®, the same material when sectioned so that the lengths
of whiskers were in the plane of the toil, showed the generation of dislocations at the ends of the
whiskers on cooling. The control samples did not show the generation of dislocations on cooling
except at a few large precipitate particles. The results support the hypothesis that the high dislocation
density observed in annealed composite materials is a result of differential thermal contraction of Al
and SiC. The SiC particles act as dislocation sources during cooling from annealing temperatures
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resulting in high dislocation densities which strengthen the material.

I. INTRODUCTION

creasing to 4 X 10'> m™? at the interface of W and Cu, and

. 'I‘ . . . . . . concluded that the dislocations were caused by the differ-
%
o HE Incorporation of 20 vol pct discontinuous SiC whisk- ences (4 1) in CTE of Cu and W. Recalli that the CTE

¥ a
e i

T

-
]
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ers into a 6061 Al matrix increases the yield strength of
annealed powder compacted 6061 Al alloy by more than a
factor of two. This increase in strength cannot be explained
directly by continuum mechanics theories. Continuum me-
chanics formulations developed by Piggout' and applied to
the case of discontinuous Al/SiC composites by Arsenault’
predict an ultimate strength of only 186 MPa for 20 vol pct
SiC composite, whereas the measured value of ultimate
strength for this material is 448 MPa. Arsenault and Fisher®
proposed that the increased strength could be accounted for
by a high dislocation density in the Al matrix which is
observed in bulk composite material annealed for as long as
12 hours at 810 K.

The dislocation generation mechanism proposed by
Arsenault and Fisher to account for this high dislocation
density is based on the large difference (10: 1) in coefficients
of thermal expansion (CTE) of Al and SiC.* When the
composite is cooled from elevated temperatures of an-
nealing or processing, misfit strains occur due to differential
thermal contraction at the Al/SiC interface which are suf-
ficient to generate dislocations.

Chawla and Metzger, in an elegant investigation of Cu/W

METALLURGICAL TRANSACTIONS A

difference between Al and Siis 10:1, i.e., more than twice
as great as the Cu/W system, one would expect thermal
stresses in Al/SiC to be sufficient to generate dislocations in
this composite.

Other causes may also contribute to the high dislocation
density observed in annealed Al/SiC material. Dislocations
are introduced into this material during the plastic defor-
mation processes of manufacturing, such as extrusion. Dur-
ing annealing, the dislocations introduced during processing
may not be annihilated; they could be trapped by the SiC,
resulting in 2 high dislocation density after annealing.

It is important to determine the origjins of the high d. -
location density in the composite since the strength of the
composite depends on the high density. If the differen-
tial thermal contraction is the cause of the dislocations, as
Arsenault and Fisher® suggest, then dislocations should be
observed being generated in a composite thin foil sample
on cooling from annealing temperatures in an in situ,
HVEM experiment.

In situ dynamic HVEM experiments have certain advan-
tages over other experimental techniques. The major advan-
tage is that direct observation of a dynamic process altering
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elevated temperatures using HVEM. Kivilahti er l.® ob-
served an Al-2 pct Mg alloy in site during recovery
processes at elevated temperatures recording dislocation
interactions on videotape. Shimotomori and Hasiguti® ob-
served in situ prismatic punching of dislocation loops at
second phase precipitates in an Al-1.3 pet Li alloy. Electron
irradiation of Al at clevated temperatures has been exten-
stvely studied using HVEM. """

There have been several non-dynamic, non-in situ TEM
investigations of dislocations about particles in a metal ma-
trix. Weatherly'® observed multiple slip mode dislocation
tangles around silica in Cu, and concluded they were caused
by differential thermal contraction of the two materials on
quenching. Ashby er al." observed dislocations about pres-
surized silica-Cu, noting a critical size dependence for dis-
location generation. Williams and Garmong' reported a
high incidence of dislocations at the Ni/W interface in this
directionally solidified eutectic composite.

Calculations of the dislocation density in Al/SiC due to
thermal stresses predict high dislocation densities. The mis-
fit strain which develops at the circumference of a 1 um
diameter SiC particle due to differential thermal contraction
during cooling is approximately 1 pct. The plastic strain at
one-half the interparticle spacing, obtained from Lee
et al.,” ranges from 1 to 2 pet. The dislocation density can
be simply calculated from the following equation:

£, = pLb. (1l

where ¢, is the plastic strain (1 pct), p is the dislocation
density (m ™) generated, L is the average distance moved by
the generated dislocations, which was taken to be 1/2 the
inter-whisker spacing, i.e., 2 um, and & is the Burgers
vector of Al. The p obtained is 1.8 X 10" m™.

Consideration of another type of dislocation described by
Ashby'® predicts additional dislocations in the matrix. These
dislocations are called “geometrically necessary” disloca-
tions by Ashby, and occur in order to allow compatible de-
formation of a system with geometrical constraints such as
hard particles which do not deform as the surrounding duc-
tile matrix. These geometrically necessary dislocations are
required if the deformation takes place without the for-
mation of voids about the hard particles. Slip dislocations
are a function of the material properties of the system, and
are not dependent on the microstructural constraints. Ac-
cording to Ashby, the density of geometrically necessary
dislocations, p€, is given by:

.Yy
Pt =5 (2]
where A9 is the “geometrical slip distance” analogous to t.ie
slip distance in pure crystals. For platelet particles, AC is
equal to the length of the plate and v is the shear strain. For
a | pet shear strain and A° = 4 um, p“ equals approxi-
mately 3 x 10" m™. Taking these dislocations into account
results in a further addition to the predicted dislocation den-
sity in the Al matrix.

The purpose of this investigation was to determine if
dislocation generation occurs at the Al/SiC interface on
cooling a composite from annealing temperatures, and to
determine if the observed densities of dislocations generated
during cooling are in agreement with densities predicted by
theoretical calculations.
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I1. MATERIAL 9

Three types of material were examined. The first was a
SiC whisker composite purchased from ARCO-Silag. It is a
powder metallurgy product: 6061 Al alloy powder is com-
pressed with SiC whiskers to form a billet; then the billet is
extruded to align the whiskers @nd forma 12.5 mm diameter
rod. Three different volume fractions of SiC were consid-
ered: 0 pct, 5 pet, and 20 pet. The zero vol pct material
served as a control.

The second type of composite was purchased from DWA,
and contains SiC of platelet morphology. The platelets are
5to7 um long and have an aspect ratio of two to three. This
composite is also a powder metallurgy product supplied in
the form of a plate, and the third type of material was
wrought 1100 grade Al in the form of a 12.5 mm diamecter
rod, and it was in the as-received condition. This material
also served as a control.

III. SAMPLE PREPARATION AND
EXAMINATION PROCEDURE

An ion milling technique was required for the production
of TEM samples due to the SiC in the Al matrix.

These two types of composite and the O vol pct control
were machined into rods (12 mm in diameter, 4 cm long),
annealed for 12 hours at a solutionizing temperature of
810 K, and furnace cooled. After annealing, slices of
0.76 mm thickness were cut by electric discharge machin-
ing (EDM) at 80 to 100 V. Deformation damage from EDM
is estimated to extend 0.20 mm beneath the surface.'’-'® The
slices were fixed to a brass block with double-sided tape and
surrounded by brass shims, then mechanically thinned on a
rotating water flooded wheel covered with 400 then 600 grit
paper to remove the EDM damage and reduce the thickness
to approximately 0.127 mm. Final thinning was carried out
using argon ion plasma bombardment, operating at 6 kV,
and ion current of 50 micro amperes and a sample inclina-
tion of 15 deg to the ion beam. For these operating parame-
ters the projected range, or average distance the argon ion
travels into the foil, is only 20 nm."* Dupuoy?' conducted
an in situ ion thinning experiment on Fe and Al-Ag speci-
mens using a 3 MV microscope. Dislocation arrangements
and microstructures in Al-Ag and Fe were not altered by ion
thinning even though some point defects are introduced into
the near surface region of the sample by ion bombardment.
Therefore, it can be concluded that ion-milling does not
introduce or remove dislocations in the TEM foils.

The 1100 grade Al control samples were prepared from
the as-received wrought rod in the same manner as the
composite samples, except electro-polishing was employed
instead of ion-thinning.

The thinned samples were then observed in the HVEM
operating at 800 kV with a beam current of 2.3 uA. A
double tilt, side-entry, furnace type heating stage was used
to heat the specimen. While being observed in the micro-
scope, the samples were heated to 800 K and held for 15
minutes, then cooled to ambient temperature. Subgrains
exhibiting dislocations in contrast were chosen for obser-
vation. During heating and cooling, thermal drift of the
stage and thermal expansion and contraction of the sample
caused the chosen subgrain to move. In order to maintain the
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same subgrain in the field of view at the same crystal-
lographic orientation, it was necessary to slightly translate
and ult the specimen almost continuously. Since changing to
SAD conditions during cyvcling to monitor ortentation would
have resulted n loss of the chosen area from the field of
view, the orientation was maintained constant by monitoring
the contrast of microstructures such as a subgrain boundary
or SiC/Al interface in the bright-ficld mode. One thermal
cycle required about one hour, and most of the samples were
observed throughout several thermal cycles. The thickest
regions of the sample penetrated by the beam were chosen
for observation, and at operating voltage of 800 KV the
beam will penetrate 0.8 wum thick Al.** The dislocation den-
sity. p. was determined by a line intercept method adapted
from Hale.”™ A grid of lines is placed over the TEM micro-
graph, then the intersections of dislocation lines with the
erid lines are counted. The dislocation density, p, is given
by

2/\'
PoIr

where .V is the number of dislocation intersections with the
grid lines. L s the length of the gnd lines divided by the
magnificatton. 1 1s the thickness of the sample (0.8 um),
and the Iength of the lines on the grids was 0.58 m. Each
reported dislocation density is an average value obtained
from 3 to 10 micrographs.

IV. RESULTS

The discussion of the experimental results will be divided
into three parts: O vol pet, 5 vol pet, and 20 vol pet of SiC.
In all cases. typical results will be described. A total of 800
micrographs were taken.

A. Controls, 0 Vol Pct SiC, 6061 Al, and 1100 Al

The 0 vol pct 6061 Al control sample had a large sub-
grain size (approximately 5 um) and a low dislocation den-
sity (8 x 10" m™%) (Figure 1(a)). A few of the larger
second phase precipitate particles (Mg,Si) were surrounded
by dislocation tangles bowing out from the precipitate inter-
face (Figure 1(b)). On heating, the dislocations began to
move in the sample, migrating away from the particles.
Other dislocations were also generated in other areas of the
subgrain and moved through the matrix, occasionally being
pinned by precipitate particles. Eventually, at elevated tem-
peratures (670 K), all of the dislocations disappeared. Slip
traces left behind when the dislocations moved also disap-
peared at temperatures close to 700 K, possibly due to sur-
face diffusion. The sample was held at 800 K for about
15 minutes.

The image tended to be out of focus at high temperatures
due to thermal drift of the stage (Figures 1(b) and 1(c)). On
cooling, dislocations reappeared at the large particle inter-
face at about 500 K, sometimes moving faster than could be
seen. The dislocations formed tangles in the vicinity of the
precipitate; however, most of the matrix did not accumulate
any dislocations (Figure 1(d)). There were a few disloca-
tions generated at subgrain or grain boundaries.

The 1100 Al sample had a dislocation density initially of
4 x 10" m~*, and a large subgrain size, S um (Figures 2(a)
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and 2(b)). Thicker regions containing few precipitates were
chosen for observation. On heating. most of the dislocations
had disappeared upon reaching 673 K. At this temperature,
the heating stage mechanism failed; therefore, the sample
never reached 800 K. but heating was sufficient to remove
the dislocations from the area under observation. The dis-
locations in this area did not return on cooling, except a few
which were connected to precipitate particles (Figures 3(a)
and 3(b)).

B. 5 Vol Pct—Transverse and Longitudinal Whisker SiC

The 5 vol pet whisker sample, sectioned transverse to the
whiskers so that the hexagonal whiskers are viewed end-on
in the microscope, had a small subgrain size, 2.0 um, and
4 high dislocation density, 4 X 10" m™, in the subgrains
(Figure 4(a)). In this case, on heating the dislocations did
not disappear but straightened from an initially bowed con-
figuration and became more regularly spaced: a polygonized
configuration. These dislocations did not disappear at high
temperatures (Figures 4(b) and 4(c)). On cooling. the dis-
locations again bowed away from the Al/SiC interface but
the density of dislocations did not increase; if anything, the
number slightly decreased (Figures 4(d) and 4(e)). Several
of the subgrains appeared to change shape during the ther-
mal cycle; however, their boundaries did not move past the
surrounding SiC whiskers.

The longitudinal 5 vol pct sample, sectioned parallel to
the SiC whisker axis so that the whiskers could be viewed
lengthwise, did show the characteristic disappearance of dis-
locations at high temperatures, and then the return of dislo-
cations on cooling, especially at the ends of the whiskers
(Figures 5(a) through (f)). The paralle! lines in the whiskers
have been previously identified as microtwins.”

C. 20 Vol Pct Whisker and Platelet

The microstructure of the 20 vol pct whisker sample be-
fore heating is characterized by a small subgrain size of the
order of 2to 3 um and also by a dislocation density of about
10" m™* (Figure 6(a)). The sample was heated while focus-
ing on a single subgrain surrounded by several SiC whisk-
ers. The dislocations began to move and rearrange, some
moving very quickly, and eventually disappearing. Upon
reaching 470 K most of the dislocations had disappeared.
The sample was heated further to 800 K (Figure 6(b)), held
for a few minutes, and then cooled. On cooling, dislocations
reappeared and emanated from the whisker interface form-
ing a tangle of dislocations in the small subgrain. Although
some dislocations began appearing on cooling at about
473 K, a great number of them formed at temperatures less
than 373 K. The dislocation density after cooling was com-
parable to the dislocation density before the thermal cycle
(Figures 6(c), 6{d), and 6(c)). When black spots began ob-
scuring the picture, another area free of the black spots was
moved into the field of view.

The 20 vol pct platelet sample (Figure 7(a)) exhibited be-
havior similar to the whisker sample, in that most of the
dislocations disappeared upon reaching 650 K (Figure 7(b)),
and then on cooling, dislocations reappeared (Figures 7(c)
and 7(d)). However, certain aspects of the microstructural
alterations on cooling were peculiar to the platelet sample.
In the first cycle, the dislocations disappeared and then
reappeared on cooling. An unusual subgrain was observed
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Fig 1 tar Micrograph ot a controb sample dlustrating the low dislocation density and the large gramn size of annealed powder compacted 6061 Al with

fo S1C The tew dislocations present n this control sample are assoviated wath the second phase precipitates ot the Ao LAl alloy Compare the dislocation
densities and subgrain sizes wath those of composttes shownan Figs dea. 6 and Tead ohy A large second phase precipitate (top center) surrounded by
dislon ations gt the beginming o1 the thermal Cyele (340 Ko oo A temperature increased to annealing temperatures in the microscope (780 K. the dislocauons
vradudlly disgppeared until only @ tew remaned csame arca as big Tebo oy Duniog an s cooting ot the control sample. dislocations retormed in the area

of the preciprtates, shiown here However, most of the maton remained tree of dislocations tsame ared as Figs Lo and Hibp

which was filled with ship traces. This area was chosen as
the arca of focus in the next cycle. The parallel lines disap-
peared on heating: then on subsequent cooling. packets of
ship traces appeared emanating from the SiC platelet. The
slip traces tormed n three directions at angles of about
82 deg and 45 deg to cach other and were associated with
dislocations which had appeared. The dislocations causing
the ship traces moved too raprdly o be seen. Atter the third
thermal cyvele. many subgrams were filled wath slip traces
ortginating at the S1C platelet intertace

D Didocation Densitien

The dislocation densities of all samples betore und atter
i sute anneahing are shown an Tuble T The densities are
hipher m the composite samples than in the control samples

G MOPUSE P78 NS AR P e

both betore and atter in swwe thermal cycling, 7e.. an-
nealing. However, the dislocation densities reported are
lower limit densities. There was difficulty in taking selected
arca diffraction patterns of a given subgrain and then tlung
to a specific reflection, t.¢.. 420; and assuring that the
same onentation was maintatned throughout. Theretore, the
reported densities could be 3 to 4 of the actual density. ™

The distribution of the dislocations within the samples
was not uniform; there was a higher density, as to be ex-
pected. near the SIC. Also greater dislocation generation
was observed at larger S1C platelets and whiskers than at
the smaller ones. and more dislocations were generated
at the ends of the SH1iC whiskers where plastic strain dur-
g cooling is greatest, than at the middle of the whisker
length. The dislocation gencration in the platelet sample
wias much greater than the dislocation generation in the
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Fig 2 —(a) Wrought 1100 Al control sample, as-received condition. Be-
tore tn sire thermal cycling, this control sample with no SiC had a high
dislocation density. Like the 6061 Al control, this sample has a large grain
size, and the dislocations present are often associated with precipitates. The
white structere is a corrosion tunnel from electropolishing. (b) Low mag-
nification view of 1100 control sample including area of Fig. 2(a).
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(b)

Fig. 3—(a) The same areas in Fig. 2(a) after in situ thermal cycling. In
the absence of SiC, few distocations reappear in a thermally cycled sample.
the few dislocations present are associated with second phase precipi-
tate particles.(b) Low magnification view of area in Fig. 3(a) after ther-
mal cycling.
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Frg 4t A tadd cut transverse to the whsker avis S vnl pat S v
the beginming of the thermal Cvcle, 370 Ko the distocations fended o o
away trom the two hevagonal S1C whishers oy The dislovations straehien
on turther heating to 370K isame arew as T S o Funther re
arrangement of the dislocations occurred on heating 1o the snncabing e
perature ot X0 K the oucroscope The dislocations stnaehiened and
moved teomore equatly spaced posinons cuame atea as Bizs 2oaand diobs

v v Durmyg conhing to 870K the dislocations again besan 1o bos awas

trom the SIC whishers osame area as Tigs Soaeon o O coeiime G
360 K. the cunvature of the dislocaiions became pronounced mdicatng i
opcration ot g thermal stress, however the peneration o nea dis oot

did not ocour cvame arca as Figs doaedn

whisker samples. for SIC platelets are shout S times Lareer
thun S1C whiskers

A aconsequence, ot all the dislocation generation. there
iy a possthidiny of voud formation at the SIC-Al intertace
Vords were not observed i any ot the samples

V.o DISCUSSION
The presence of S1C particles of erither whisker or platelet

morphology inan AL metal matniy composite resufted in the
generation ot dislocations at the AL SiComntertace when the
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ST wmple was prepared trom the same S sl pot whisker
cheear s Fies dra o only sectioned paralled oo the SiC whisker
it are s tated with the S1C and second phase preapitates

S e e the thenmal Cvde at WK Absovable are parailebshp
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womposite was cooled from the annealing temperature
veneral, the high density of dislocations onginally presentin
the composite samples disappeared at 500 to 630 K| then
reappeared on cooling at densities close to the high densities
ongnally observed in the anncaled speaimen . In contrast,
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Fig 6 tar The wmteal hieh didocation deasity and small subgrain size of
the 20 vol pot whisker composites v shown here thy The dislocations
disappeared trom the sample duning o v heating o 800 K- Thermal dnitt
ot the stage presented sharp focusing ot the image () On coohing to
378 K. dislocations had reappeared in the sample, emanating trom - the
AL/SIC ntertace and moving anto the matny untd a dislocation: tanyle
tormed () The dlear arca at 378 K othrg 6000 as temperature decreased
to 340 K Black spots also began o torm on the samiple at this lempery-
ture e A lower center. the appearance of a hook-shaped dislocation s
observed The black spots have become maore proniment. 330 K

Jislocations were not generited to the same extent in either
at the contral samples duning cooling.

The small subgramn size and high dislocation densities
previously observed by Arsenault and Fisher” can be assocr-
ated with the presence of the S1C n the composite, spectti-
cally the CTE differenual. The ditference in CTE resulted in
stresses large enough to cause plastic deformation. e the
generiation of dislocations. These dislocations can be de-
tined as shp dislocations. Dislocation generation s also
required to accommodate the heterogencous plastic flow
in the vicimity ot the deforming matnx since voids are
not observed  We can conclude. theretore. that both ot
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tar The dittraction contrast of the high dislocation density in the central subgram darkens the sabpron i this 20 vol ot SO oplatelet composite
. [he suberan s surrounded by oat feast three iregularhy shaped SiC platelets which e approvmatels the same size as the seheran

SRR most ol the dintocations disappeared trom the sample The pebbledike second phuse preaipitates van be diearnls distngaistied here The same ared s
s nde tilled wath ship traces 60 On conding to 330 KL dislocations reappeared. resuting in the tormation of dense shp traces showang the paths of
e dislocations as they moved across or out of the sample tdy This s the same arca as shown o tha atter coohing o 340 K
ddislocations st hugh emperature: The subgram s now titled with ship traces and dislocations The shp traces are clear!s asaonated
rndicating that the orgin o the dislocations seen i the sample a low twemperature s the AF SoCantertace

o Duannye hegting to

The ared was tree of glmost
with the SiC platelens

.”-
a Table 1. Dislocation Density before and after Thermal Cyeling of Samples; Dislocation Density tm °)
o
Sample Betore Thermad Cyvele Atter Thermal Cyele
— (1 200 vol pat whisher 2o Lo In
12y 20wl pat platelet AN o 30 i
t3 S ol pet s hisker 40 - 100 N
By O vol pet whisher N 0 (2 tn
- E3 IR AL samiple” 40 1o N
:- annealed 12 Hours at NowE K
A recered TIO0 crade wronghe AL alloy
) -
. these mechanismes are operating, which results ina high tound. A stable polvgonized substructure appeared to pre-
, ! : M
Jislocation density due to the SiC i the matny In the vent the disappearance ot the distocations at high tem-
. vicinity ab precipitates, transformation stramns can also pro- peratures. Backstresses from these distocations on coohing
A duce dislocations could have prevented turther gencration ot dislocations i
. £
L]
- The exception 1o the penerally observed disappearance the small subgrains on cooling
ot dislocations on heating was the S vol pot transverse The intensity ot dislocation generation at the S1C Abinter-
o canple tor which no satistactory explanation has been Paceas related to size and shape of S1C particle: The mtensaty
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of generation is lowest for small, nearly spherical particle.
As the particle size increases. i.e., from | umto 5 um, the
intensity of generation increases significantly. Also the in-
tensity is much greater at the corner of a particle than along
the sides as is evidenced in the longitudinal whisker and
platelet composite samples. The relationship between the
size of the particle and the plastic zone has been qual-
itatively described by Lee et al.," and they predicted that as
the particle size increases the plastic zone size increases.
Also, L+ "l:as shown that the plastic strain about the corner
of a pan e is greater than along the side (which should be
intuitively obvious).

Experimental conditions which may influence the results
must be recognized and considered in an HVEM experi-
ment, because the sample is exposed to high energy elec-
trons, and thin foil samples are used to approximate bulk
behavior. Surface effects are among the most important
effects to be considered, since it is easy for dislocations
generated at the Al/SiC interface to move out of the sample
through the surfaces of a TEM foil. Thick sections of the foil
were examined in the HVEM in order to reduce surface
effects; nevertheless, dislocation relaxation out the surface
occurred, and resulted in a reduction of the observed dis-
location density. This effect is most apparent in the
20 vol pet platelet sample where the slip traces, indicating
that dislocations have moved out of the sample, nearly cover
the entire surface of the sample. In bulk specimens, dis-
locations would accumulate in the subgrains until the en-
suing backstresses due to the pile-up exceeded the local
yield stress surrounding the particle. Also, the geometry of
a thin foil specimen allows elastic relaxation of stresses on
cooling by buckling, also giving an artificially low value of
the dislocation density.

The effects of irradiation of the samples by the high
energy electrons of the beam must also be considered. Elec-
tron irradiation of the sample can result in the formation of
vacancy clusters and small dislocation loops which appear
as black spots and then grow to form dislocation tangles. "
The observation of black spots on some of the samples
(Figures 1(d) and 6(d)) indicated that electron irradiation
damage most probably occurred.

The control samples were invaluable in determining that
the dislocations generated on cooling were not artifacts due
to the effects of electron irradiation. In the 6061 0 vol pct
SiC control sample a few dislocations were generated at a
few large precipitates.

The 1100 control samples were also exposed to the high
energy electron beam and substantial formation of dis-
locations did not occur (Figures 3(a) and 3(b)). Also the
intensity of dislocation generation can be correlated with the
size, volume fraction, and shape of the SiC or second phase
precipitate particles present, indicating that the particles and
not the electrons of the beam were the cause of the dis-
locations being generated. A more likely explanation of the
appearance of the black spots is beam contamination. The
decontaminator was not always operating, and beam con-
tamination usually condenses on samples at temperatures
less than 473 K which coincides with our observations.””*
Some of the black spots could also be due to second phase
precipitation in the samples on cooling, since the spots were
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sometimes preferentially associated with interfaces and
grain boundaries (Figures t(d) and 7(d)).

Beam heating is another factor to be considered. For our
operating conditions, beam heating of the sample is approxi-
mately 10 to 15 K, and this could have had an effect on
dislocation generation in the sample due to the thermal gra-
dient which is induced.”* But examination of the same
composite samples without thermal cycling did not result in
dislocation gencration at the Al/SiC interface, and these
samples were exposed to the same beam conditions.

Due to the difficulty associated with tilting a very fine
subgrained material to the various diffracting conditions
required to image all of the dislocations in the subgrain, the
reported densities could be ¥4 to V2 below the actual number.
Although more rigorous tilting would give more precise
values, a good idea of the relative densities in the samples
can be obtained by imaging dislocations in many subgrains
for each material and assuming that the valuc will be sys-
tematically low for all the samples.

The net result of considering all of the experimental fac-
tors which may influence the experimentally determined
dislocation densities after a thermal cycle. is: (1) the dis-
location generation observed during cooling can be readily
attributed to differential thermal contraction of the Al and
SiC, (2) the observed densities are lower than the densities
which would be observed if bulk samples could be exam-
ined and if diffracting conditions were controlled to image
all dislocations.

It should also be pointed out that slip line generation
about a SiC cylinder in an Al disk due to thermal cycling has
been demonstrated by Flom and Arsenault.*

VI. CONCLUSIONS

From a consideration of the experimental results, the
following conclusions can be drawn:

1. The high dislocation density (10'* m™*) previously ob-
served in bulk annealed composites is due to differential
thermal contraction of Al and SiC on cooling from the
elevated temperatures of annealing.

2. The density of dislocations observed in this experiment
as a result of thermal cycling is lower than the actual
density generated during thermal cycling because dis-
locations are lost through the surfaces of the thin foil
samples during cooling.

3. The densities of dislocations observed (10'* m™*) would
be equal to the high densities previously observed in
bulk annealed composites if it were not for dislocation
loss through the surfaces, and the observed densities
would be closer to densities predicted by calculations
4 x 10" m™*, if it were not for dislocation loss through
the surfaces.

4. Thermal cycling causes the disappearanc~ of dislocations
at high temperatures and the generation of dislocations at
Al/SiC interfaces and precipitates on cooling. Subgrain
growth is hindered by the presence of SiC particles.
Transformation strains also cause dislocation generation
at precipitates, and polygonized configurations prevent
the disappearance of dislocations at high temperatures.

5. Precipitation occurs on the thermally-generated dis-
locations during coouling.
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Deformation in Al-SiC Composites Due to Thermal Stresses
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ABSTRACT

Plastic strains and the extent of the plastic
zone due to differential thermal expansion
were experimentally determined in an Al-SiC
composite. The combined plastic shear
strains Yp, at the Al-SiC interface for
furnace-cooled, air-cooled and quenched
samples were found to be 1.32%, 1.23% and
0.99% respectively. Profiles of Y pes Were
plotted versus distance from the interface and
compared with the theoretical distribution of
effective strain € The theoretical extent of
the plastic zone measured from the interface
was found to be 1.3 multiplied by the particle
radius. This value was slightly less than the
observed value. The plastic deformation on
the heating half of the thermocycle was found
to be at least equal to the deformation on the
cooling half. A theoretical treatment of the
local plastic deformation in a short composite
cylinder was suggested, from which the effec-
tive plastic strain € and the extent of the
plastic zone were determined.

1. INTRODUCTION

When a composite material is subjected to a
temperature change, local plastic deformation
can occur. The plastic deformation isdueto a
stress created by the difference between the
coefficients of thermal expansion of the com-
ponent phases, and this stress is at the matrix-
reinforcement interfaces. The magnitude of
the stress is equal to Aa AT where Aa is the
difference between the coefficients of thermal
expansion of the phases under consideration
and AT is the temperature change. The rela-
tively large (10 to 1) difference between the
coefficient of thermal expansion of SiC and
that of aluminum should result in the creation
of a substantial misfit strain at the Al-SiC
interface during cooling from the fabricating or

0025-5416/85/$3.30

annealing temperature. The mechanical
properties of the composite should be
affected by the magnitude and extent of the
plastic deformation that takes place in the soft
matrix around a hard particle as a result of
the misfit relaxation in the interface region.
Recent investigations [1-4] have indeed
shown the important role of the interfacial
regions in the composite strengthening. Thus,
knowledge of the magnitude of plastic strains
and the size of the plastic zone as well as
other characteristics of the interfacial region
(the bond strength, the microstructure etc.)
should contribute to the understanding of the
mechanism of composite strengthening.

The experimental determinations of plastic
strains and plastic zone radii about a particle
in the matrix due to the difference between
the coefficients of thermal expansion of the
phases, to our knowledge, have not been
reported in the literature.

Several theoretical investigations have been
undertaken to predict the magnitude of the
plastic strain in the plastic zone around a
particle. The relaxation of the misfit caused
by the introduction of an oversized spherical
particle into a spherical hole in the matrix
has been analytically described by Lee et al.
[5]. Using the misfitting sphere model, they
calculated strains in the plastic zone that
surrounds a hard sphere and also the plastic
zone radius. Hoffman [6] calculated the
overall total strains in the tungsten-fiber-
reinforced 80Ni-20Cr matrix, using a thick-
wall long-<cylinder approach and assuming
that a hydrostatic stress state exists within
each constituent.

Garmong [7], assuming uniformity of the
stresses and strains in the matrix, calculated
deformation parameters for a hypothetical
eutectic composite and reported values of
matrix plastic strains that were of the order
of 0.4%.

© Elsevier Sequoia/Printed in The Netherlands
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Dvorak et al. [8] developed a new axi-
symmetric plasticity theory of fiberous com-
posites involving large thermal changes. The
long-composite<cylinder model was adopted
as a composite unit cell, and the microstress
distribution as well as the yielding surfaces
were obtained for Al-W composites.

Mehan [9] calculated the residual strains in
an Al-a-Al,0; composite due to cooling from
the fabricating temperature. He considered an
idealized composite consisting of a long
sapphire cylinder surrounded by an aluminum
matrix. This is equivalent to the long-compo-
sitecylinder model used by Dvorak et a!l. This
model implies that the thermal strain along
the cylinder axis is a constant, i.e. that

dl
€, = 7 = constant

where [ is the length of the cylinder. This sim-
plifies the procedure of obtaining the radial €,
and the tangential €4 strains which was done
using incompressibility and boundary condi-
tions. The effective strain € at the Al-a-Al,0;
interface was found to be 1.6%.

However, the above-mentioned composite
models do not give an accurate description
of the plastic strain state in the short-compo-
sitecylinder model. A shortcylinder model
nearly duplicates the situation in the whisker
and platelet Al-SiC composites at present
produced.

The purpose of this work was to determine
experimentally the magnitude of the local
plastic strain produced in the aluminum
matrix around a short SiC cylinder during a
thermocycle and also to estimate the extent
of the plastic zone around the cylinder. Also
an effort was made to develop a theoretical

TABLE 1

model of the plastic zone around the short
cylinder.

2. EXPERIMENTAL PROCEDURE

The small particle interspacing (several
micrometers) in a commercially available
Al-SiC composite makes it impossible to
measure the local plastic strain at the Al-SiC
interface directly. Thus a composite model
consisting of an SiC cylinder embedded in an
aluminum matrix was fabricated so that direct
strain measurements could be attempted.

Aluminum of 99.99% purity (to eliminate
the influence of the alloying elements) and
commercial carborundum were used to pro-
duce the composite model. Selected properties
of these materials are given in Table 1.

Platelets of SiC were separated from
carborundum conglomerates that are used in
the production of abrasives. These platelets
were spark planed on an electric discharge
machine to plates approximately 1 mm thick.
These flat plates were cut into rectangular
rods approximately 1 mm X1 mm. After this,
each rod was spark machined to cylinders of
about 1 mm diameter.

Pure aluminum rods, 12.5 mm in diameter
in the as-received condition, were cut into
studs 37 mm long. Two aluminum studs and
one SiC rod were assembled together and put
in a specially built compaction die, where
they were hot pressed to produce one com-
pact. Compaction was done on the Instron
testing machine, During the entire compaction
cycle (Table 2), a vacuum of about 1073 Torr
was maintained using a mechanical vacuum
pump.

Selected properties of the aluminum and SiC used in this paper

Material Yield Elastic Bulk Poisson’s Thermal expansion Melting Reference
strength modulus modulus ratio coefficient point
(MPa) (MPa) (MPa) (mm 1K) (K)
in the temperature
range 293-773 K
Al 11.73 62x103 57.5x103 0.31 28x10°6 933 (10,11]
SiC 34.5 + (tension) 483 x10° 96.6 x103 0.19 3x10°6 3373 (12, 13]
1380 +

{(compression)

20




W o

»
5%

55 A%

<4

2,

P

(A

[ A/

3
»

n's
h

v B

2 B

s

\‘

[} 4 -
W, ‘.,l'n " ,' )

TABLE 2

Flow chart of the compaction of an Al-8i1C composite
cylinder

Heating
Heating time =~1h
Temperature =~ 843 K

Compression

Cross-head speed -1

0.1 em min

Total travel 10 mm
Holding at constant load

Time 2h
Pressure 2.28 MPa
Incremental cooling under pressure

Time 12h
Pressure 2.28 MPa

AI\

N = O~ ||| =

L —

(2) (b) (¢)

Fig. 1. A schematic diagram of the fabrication
sequence of the Al-SiC composite model.

L
)
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The central portion of the compacted
sample was sliced in the transverse direction
into disks 1 mm thick using the electric
discharge machine, set at a low power, and
each disk contained an SiC cylinder very close
to the perfect center (Fig. 1). All Al-SiC
disks were metallographically and then
electrolytically polished to remove the thin
cold-worked surface layer of aluminum.

The method adopted for the evaluation of
plastic deformation was based on the direct
observation of slip bands on the polished
surface of the sample around the SiC particles.
The amount of slip is a characteristic of the
amount of plastic deformation (when defor-
mation occurs by slip) in a crystalline solid.
The plastic strain can be evaluated if the
number of slip bands and the displacement on
each band are known The concept of com-
bined plastic shear stran 7, has been intro-
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duced where v, is equivalent to the product
of slip band density N and the amount of slip
S,ie.

Yepss = KNS (1)

where K is a coefficient which takes into
consideration different crystallographic situa-
tions. A detailed treatment of 7., is given in
Appendix A. Thus, the method reduces the
data collection to the measurements of slip
band densities and their heights in the area of
interest.

The electropolished Al-SiC disks were
separated into three groups: A, B and C. Each
group was heated to about 823 K and then
cooled as follows: group A, furnace cooled;
group B, air cooled; group C, quenched in
alcohol.

Since the surface of each disk had a high
quality polish, slip bands could be observed
around the SiC in an optical microscope.

Slip band density and height measurements
were obtained using a Zeiss interference
microscope. Areas containing slip bands were
photographed in white light and in green
monochromatic light. Pictures taken in white
light gave the actual image of the slip bands.
Pictures of the same areas taken in mono-
chromatic light gave interference fringe
patterns (Figs. 2-4). Thus, the correlation
between slip bands and interference fringes
was established.

When a furrow is present in the plane
surface of the object, the straight interference
bands are deflected by the furrow and the
furrow depth ¢ can be determined from the
deflection:

t= dx 2
b2 (2)
where d is the deflection of the interference
band, b is the band interval, taken as the
distance from the middle of one band to the
middle of the next band and A\/2 = 0.27 um
for the thallium light. Band deflection can be
estimated to be one-tenth of the band interval.
Thus the height measurements can be as
accurate as + 0.1 X 0.27 = £0.027 um.

The slip band density was determined by
using the “mesh’ method which consisted of
the following. Pictures of slip band images
and interference patterns were enlarged to
10 cm X 12.5 cm on high contrast photo-
graphic paper. After that, a transparent plastic
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Fig. 3. (a) Slip bands and (b) interference fringe patterns of different areas around the SiC. (Magnification, 32x.)
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Fig. 4. (a) Slip bands and (b) interference fringe patterns of different areas around the SiC. (Magnification, 32x.)
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film with a square mesh of a specific size

(1.0 cm X 1.0 cm square for pictures with a
magnification of 80X and 2.5 cm X 2.5 cm
square for pictures with a magnification of
200X) was overlaid on the photograph and the
total length of the slip bands within each
square along the radial direction was measured.
If M is the magnification of the picture, L (m)
the total length of slip bands in one square and
A (mm?) the area of the square, then the slip
band density N is

L . .
N=M;X103um’ (3)

The accuracy of slip band density measure-
ments is much higher than that of height
measurements. Therefore, the main source of
error in combined plastic shear strain v.p.,
evaluation is the height of the slip band (pro-
vided that, of course, the assumptions and
results of discussion given in Appendix A are
reasonably correct).

2.1. Hot-stage experiment
Two Al-SiC disks were reciuced in diameter
to 7 mm and thermocycled in the hot stage of

SRR S W O} Y

a Leitz optical microscope. A reduction in
size was necessary in order to fit the holder
into the hot stage. The entire thermocycle
was recorded on videotape using an RCA
industrial television camera. The time was
recorded by means of a digital generator
interfaced to the recording unit, and the
temperature was recorded on the sound track
of the tape at 20 K intervals. The total
length of the thermocycle was approximately
8 min. The maximum temperatures were
around 873 K. The heating and cooling rates
were around 100 K min™1,

3. EXPERIMENTAL RESULTS

3.1. Combined plastic shear strain

The experimentally determined values of
combined plastic shear strain v, are presen-
ted in Tables 3-5. These combined plastic
shear strains 7., are plotted versus distance
in the form of a histogram in Fig. 5. In the
same figure we have a plot of effective strain
€ which was determined theoretically (see
Appendix B). The histogram represents the
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6.25x 18.75x 31.25% 43.75% 56.25 x 68.75 x
10°2mm 1072mm 1072 mm 1072 mm 1072 mm 1072mm
g 1 1 0.34 0.32 0.35 0.13
. 1 2 0.25 0.25 0.17 0.19 0.13 0.11
1 3 0.56 0.31 0.19 0.11
s 1 4 0.47 0.55
L, 1 5 0.25 0.07 0.014 0.08
’ 2 1 0.23 0.17
= k| 1 0.65 0.41
:: 4 2 0.47 0.22
- 4 3 0.54 0.29 0.1
4 4 0.31 0.21 0.25
:q. 4 5 0.48 0.25
o Average 0.41 0.27 0.18 0.12 0.13 0.11
2The path is the route in the radial direction from the Al-SiC interface into the matrix, which was selected for
't slip band density and height measurements. Selection was based on the amount of slip that occurred, and those
g routes were selected in which the amount of slip bands appeared to be the greatest.
®The given strain is actually the result of the product NS. It does not include the coefficient K which was found
to be equal to 3 (see Appendix A). Values of T4, that incorporate K are given in Table 6.
s €The distance given here is the distance from the Al-SiC interface to the centers of the first, second etc. squares.
e Therefore, values of Y cpas FePresent the strain over the entire square.
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TABLE 3

Combined plastic shear strain y 44 for group A samples (furnace cooled)

Sample Fath® Combined plastic shear strain® Yepss (%) for the following distances from the Al-SiC interface®

6.25x107°mm  18.75x 107 mm 31.25x107°mm 43.75x107°mm 56.25x 10" 2 mm

b

1 1 0.86 0.35 0.18 0.09 0.026
1 2 0.61 0.40 0.22 0.06 0.07
1 3 0.41 0.140 0.24 0.08

1 4 0.26 0.21 0.19 0.16

1 5 0.42 0.32 0.32 0.13 0.03
1 6 0.51 0.41 0.30 0.08

2 1 0.30 0.21 0.06

2 2 0.45 0.28

3 1 0.43 0.24 0.22 .22 0.22
3 2 0.26 0.27 0.22 0.11

3 3 0.39 0.22 0.26 0.16

3 4 0.46 0.18 0.23

3 5 0.45 0.26

4 1 043 0.24 0.04

Average 0.44 0.24 0.21 0.16 0.05

2The path is the route in the radial direction from the Al-SiC interface into the matrix, which was selected for
slip band density and height measurements. Selection was based on the amount of slip that occurred, and those
routes were selected in which the amount of slip bands appeared to be the greatest.

® The given strain is actually the result of the product NS. It does not include the coefficient K which was found
to be equal to 3 (see Appendix A). Values of Ypsq that incorporate K are given in Table 6.

€ The distance given here is the distance from the Al-SiC interface to the centers of the first, second etc. squares.
Therefore, values of y.pe, represent the strain over the entire square,

TABLE 4

Combined plastic shear strain 7y in group B samples (air cooled)

Sample  Path® Combined plastic shear strain® Yepas (%) for the following distances from the Al-SiC interface®
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TABLE 5

Combined plastic shear strain Y5 in group C samples (quenched)

Sample » Path® Combined plastic shear strain® Ycpas (%) for the following distances from
the Al-SiC interface®
6.25x10"2mm 18.75x10°2mm 31.25%x 1072 mm

1 1 0.40 0.16

1 2 0.19 0.27

1 3 0.¢9

2 1 0.37 0.29 0.16

2 2 0.31 0.11 0.05

2 3 0.22 0.24 0.12

2 4 0.55 0.23 0.14

3 1 0.31 0.18

3 2 0.44 0.24 0.23

4 1 0.25 0.21 0.08

4 2 0.25 0.10 0.04

4 3 0.18 0.13 0.05

Average 0.33 0.20 0.1

*The path is the route in the radial direction from the Al-SiC interface into the matrix, which was selected for
slip band density and height measurements. Selection was based on the amount of slip that occurred, and those
routes were selected in which the amount of slip bands appeared to be the greatest.

® The given strain is actually the result of the product NS. It does not include the coefficient K which was found
to be equal to 3 (see Appendix A). Values of Yps, that incorporate K are given in Table 6.

©The distance given here is the distance from the Al-SiC interface to the centers of the first, second etc. squares.
Therefore, values of Ycpss represent the strain over the entire square.
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Fig. 5. Theoretical € vs. r and experimental Ypg, 15. 7
profiles around the SiC in Al-SiC composite disks
thermocycled between 298 and 823 K (p is the
plastic zone radius): - - -, group A; ——, group B;
—~-—, group C.

actual discrete character of the measurements
of Y.ps- Each horizontal portion of the
histogram corresponds to the average value of

Yepss Obtained from the increment of the area
of the specimen.

The largest combined plastic shear strain
Yepss Of 1.3% was observed at the Al-SiC
interface in group A samples; group C showed
the smallest amount of strain, 0.99% (Table
6). In addition, the extent of the plastic zone
(i.e. the largest distance from the interface at
which slip bands can still be measured) was
smaller in samples from group C than in
samples from groups A and B. This result
corresponds to the effect of strain rate
(which is proportional to the cooling rate) on
the relative amount of plastic and elastic
strains during deformation. Generally, higher
heating and cooling rates will cause the elastic
stresses to be larger, and lower heating and
cooling rates will allow greater plastic relaxa-
tion [7].

The height of the slip bands was measured
to 0.1 of a band interval. This gives an error
of +0.1 X027 um = £0.027 um in the
height values. As was mentioned before, the
slip band density measurements introduce
much less error. Therefore, the error range for
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TABLE 6

Values of ¥, incorporating K for group A, B and C samples

Group Combined plastic shear strain Y, (%) for the following distances from the Al-SiC interface
6.25 X 18.75 X 31.25X% 43.75 x 56.25 x 68.75 x
10°°mm 1072mm 1072mm 1072mm 1072mm 1072mm
A 1.32 0.72 0.63 0.48 0.15 .
B 1.23 0.81 0.54 0.36 0.39 0.33
C 0.99 0.60 0.3

Yepss determination can be evaluated as
£(0.027/0.135) X100 = 20% where 0.135 um
is taken as the average slip band height. This is
obviously a large error range.

3.2. Hot-stage observations

3.2.1. Heating

Slip bands began to appear even before the
temperature reached 373 K and were forming
as widely spaced deep lines. As the tempera-
ture increased, the density of the slip bands
increased also, reaching an apparent maxi-
mum at around 573 K. At around 533 K a
new group of broken lines began to form with
no relation to the previously formed slip
bands. The development of these lines became
more intensive at higher temperatures. When
the temperature approached about the 653 K
mark, the separation between the matrix and
the SiC became fairly visible. At approxi-
mately 693 K, slip bands began to fade and
disappeared almost totally by the time the
temperature reached 853-873 K. At the
maximum temperatures, the surface did not
appear as flat as it did at the beginning.

3.2.2. Cooling

On cooling, previously formed slip band
patterns began to show up again but they did
not reach the size and extent of the former
slip band patterns. The development of the
slip bands in new areas was not observed.

The broken line which encircled the entire
SiC particle began to develop radial spokes
that connected this line to the interface.
When the sample cooled to room temperature,
the surface of the sample remained rippled.

Subsequent thermocycles did not show any
changes in slip band morphology. A broken
line around the SiC cylinder became much
more clearly defined with repeated thermo-
cycles. The matrix appeared to be separated
from the particle all the time.

4. DISCUSSION

Composite models discussed in the litera-
ture for the theoretical determination of
stresses and strains in the matrix (spherical
particle in a matrix, long composite cylinder
etc.) cannot be applied to a short composite
disk. Therefore, an attempt was made to
evaluate the radius of the plastic zone and the
plastic strains around the SiC particle using
the approach described in Appendix B.

The resultant profile of the effective plastic
strain € around the SiC particle and the extent
of the plastic zone are shown in Fig. 5. As
can be seen, p = 1.15 mm, and € = 2.56% at
the interface. The theoretical plastic strain is
higher than the observed plastic strain, and
the theoretical plastic zone radius is smaller
than the observed plastic zone radius. The
theoretical plastic zone size is estimated on
the assumption that deformation is homogen-
eous, i.e. uniform around the SiC particle. In
the real case we have “bursts’’ of plastic flow
in accordance with a particular crystallographic
situation. Thus, the extent of the burst of
plastic deformation can be larger than that of
homogeneous deformation since the same
amount of metal flow must be accommoda-
ted. The explanation of the difference between
observed and calculated strains can be given as
follows. On heating, because of the differen-
tial expansion between the aluminum and the
SiC, the aluminum matrix tends to pull away
from the SiC. If the bonding between the
aluminum and the SiC is sufficient to resist
the pulling action, the matrix undergoes de-
formation proportional to AT of the cycle. If,
however, the bonding is weak, the matrix
breaks away from the SiC at a certain temper-
ature Tg, and subsequent temperature in-
crease has no effect on matrix deformation
since it is now free to expand.
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}:: Hot-stage observations showed that slip (1) A new experimental technique for

. band formation started at a temperature of measuring local plastic strains was developed
less than 373 K. Accurate evaluation of the and utilized in the Al-SiC system.
temperature at which slip became visible was (2) The theoretical treatment of the short

ﬁ not possible because the thermocouple in the composite cylinder gave the distribution and
hot stage was not sensitive enough in the extent of the plastic strains, which are in fair

' temperature range between 298 and 373 K. agreement with the experimental results.

":: . It was noticed that more slip bands were There is a disagreement, however, between

C-. formed on the heating half of the thermocycle the experimental and theoretical values of

than on the cooling half. The slip band plastic strains immediately at the A]-SiC
arrangement on the cooling half repeated the interface.

arrangement developed during the heating (3) An Al-SiC bond is a very important
half. When the temperature approached about factor influencing the plastic deformation

773 K, slip bands began to disappear. This can around SiC particles.
be explained from the surface tension point

of view.
Another possible explanation of the REFERENCES
g stoppage of slip band development is that the 1 R.J. Arsenault and R. M. Fisher, Scr. Metall., 17
. aluminum matrix breaks away from the SiC (1983) 67.
and continues to expand freely without any 2 R.J. Arsenault and R. M. Fisher, in J. Carlsson
5 restraint from the SiC. It is also possible that ;;ei m-ﬂgzg:hﬁ:r); 17:12}::; éngtg::,fo?; the
very fine slip bands still continued to form 1983, Vol. 1, Pergamon, Oxford, 1983, p. 451.
(high temperature creep, for example), but 3 R.J. Arsenault, Mater. Sci. Eng., 64 (1984) 171.
- we did not see this because of the limitation 4 R.J. Arsenault and C. S. Pande, Scr. Metall., 18
_f'-:.: in resolution of our optical system. It should (1984) 1131.
o be mentioned, however, that the disappearance 5 *}’{ KC 1;9' Y“ YI'MEtNI';m;: H-;- ?‘;’ ?1'1;(8’8)&;1337
: PR . C. Russell, Metall. Trans. A, .
" gf)::ri:gﬂ :;ngsecg:ﬁ;r::r:z:’;;ﬂl{f] o 6 C. A Hoffman, J. Eng. Mater. Technol. 95 (1973)
their in situ transmission electron microscopy 7 G. 'c.,,mo,,g‘ Metoll. Trans., 5 (1974) 2183.
investigation of Al-SiC composites. They 8 G.J.Dvorak,M.S. M Rao and J. Q. Tarn, J.
& observed “slip lines” in thermally cycled Compos. Mater., 7 (1873) 194.
S transmission electron microscopy foils, and 9 R. L. Mehan, Metal Matrix Composites, ASTM
On .. . X Spec. Tech. Publ. 438, 1968, p. 29.
these slip lines disappeared at high tempera- 10 G. E. Dieter, Mechanical Metallurgy , McGraw-
tures. Hill, New York, 2nd edn., 1976, p. 51.
! The fact that slip band patterns formed on 11 Metals Handbook, Vol. 1, American Society for
: cooling repeat themselves shows that the same 12 Xe?:‘-lx:‘:‘: ;ﬂfh"‘i- ?H- 19.61;’ R, OConnor and
: : ‘ » . .M. Jones, . R. onn
. slip systex:ns are en.gaged in the * rgversed J. Smi);tens (eds.), Silicon Cal:bide, Pergamon,
P deformation, proving at least partially that Oxford, 1960, p. 147.
tﬁ there is a certain reversibility of the plastic 13 Handbook of Material Science, Vol. 11, CRC
deformation that occurs when the load is Press, West Palm Beach, FL, 1975.
reversed. 14 M. E. Lammers, R. J. Arsenault and R. M. Fisher,
F- The broken lines that form around SiC to be published.
o appeared to be the boundaries of recrystal-
lized grains. If this is indeed the case, re- APPENDIX A
v crystallization took place at the interface and
o occurred very rapidly (2-3 min). A.1. Combined plastic shear strain .

The relation between the slip band density
> ) N, the amount S of slip or displacement on
. the band and the plastic strain v has been

. 5. CONCLUSION discussed in a number of publications { Al -

. A3]. In their classical works, Yamaguchi et
N From the experimental data and the theo- al. [Al] and Brown [ A2} found direct pro-

a retical model the following conclusions were portionality between the strain and amount
obtained. of slip during plastic deformation. Cottrell
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[A3]summarized their results and arrived at
the expression ¥ = NS for the case when there
is only one slip system in operation.

For a multipleslipsystem case, however,
this expression must be modified to take into
account the different crystallographic orienta-
tions of the slip systems.

The attempt to carry out this modification
is offered in the present work and consists of
the following: the highlights of the one-slip-
system case; a description of the rigorous
approach for multislip cases; a simplified
approximation with the introduction of the
combined plastic shear strain 7., concept.

Let us assume first that slip occurs in one
slip system only. Let us consider an imaginary
block (Fig. Al) that is cut out of material in
such a way that slip planes are perpendicular
to the facets of the block. This block is
oriented in such a way that its height is
measured along the z axis.

Let us suppose that a shear stress 7,, is
applied to the block which causes the block
to slip as shown in Fig. Al.

By definition, the shear strain in this case
is expressed as

where AS, is the total displacement in the

y direction and Z is the height of the block.
The total displacement AS, is equal to the

sum of the displacements on each slip plane,

ie.

AS,zZ S,~

i=1

“yz

=

Tyz

Fig. Al. Hypothetical block with one slip system.
S; is the displacement on the slip plane; AS is the
total displacement along the y axis.

where S, is the slip or the displacement in the
ith band*. (Here S, is analogous to the furrow
depth ¢ in eqn. (2).) If n is the total number
of slip bands involved in the slip and S, is

the average value of slip per one band, then

AS, =Y S
i=1

~nS,
As can be seen from Fig. Al, n is the number
of intersects that the z axis makes with the
slip bands and is equal to the total number of
slip bands along the z direction. If the number
N of slip bands per unit length along z is
known (i.e. the slip band density), then

n=Nz
where N (cm™) is the slip band density along

the z direction. Now the total strain v,, can
be expressed [A3] as

Yyz =
P4

nS,

z (A1)
zS;

Z

=NS,

Y

N can be evaluated as the total slip band
length divided by the total area. To do this
we can take eqn. (A1) and multiply the
numerator and the denominator by the width
L of the block:

2

=N,S,

*Generally, the slip direction does not have to be
perpendicular to the y plane as shown in Fig. Al.
However, despite this and other rather crude assump-
tions that are made later, the purpose is to show the
complexity of the rigorous treatment.

28




o
.

o LA

.".1‘7‘
feta

PR
[ 3

E3]

b

s

b I R A R R
AW, e -
(e Q, Y N iy .v

24

x2

Fig. A2. Hypothetical block with two operational slip
sys*ems 1 and 2.

Here, nL is the total length of the slip bands
on the side of the block, zL is the total area
of this side and N, (cm™) = nL/zL is the slip
band density. Thus,

Ve = NS—y

In the case when more than one slip system is
involved in plastic deformation, slip bands

are not parallel but instead each slip system
has its own orientation* (Fig. A2). In this
situation the equation for shear strain has to
be modified to take into account the different
orientations of the slip bands. The rigorous
way to do this would be as follows.

(1) Determine the plastic strain ¥, , using
the same approach described previously for
slip system 1.

(2) Rotate the coordinate system x,, y;, 2,
to align it with system x,, ¥,, 2, where z, is
the direction perpendicular to slip bands in
slip system 2. In the coordinate system x,, y,,
z,,determine v, ., using the relation

Vy,2, = ay,i%:, Vi (A2)

where a, ;a, ; is the rotation matrix and
7, is the strain tensor in the x,, y,, 2; coordi-
nate system and is given by

0O o0 0
7, =|0 0 Yy.e,
O %, o0

*Here, the hypothetical assumption is made that
slip planes from the second slip system are also
perpendicular to the facets of the block.
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(3) Combine the terms determined in step
(3) with the terms from step (1) having the
same indices. Now we have obtained the total
strain tensor €;; in the x,, y,, z; coordinate
system due to all slip systems:

o o 0
€, =|0 0 Yyz
O v, O

(4) Determine the principal components of
the strain tensor €, solving the following
equation:

—x 0 0
0 -\ v.|=0 (A3)
0 Yoy A

for \. The three roots A, A, and A; are the
three principal strains €, , €, and €3 respec-
tively.

(5) Determine the effective strain

22

€= ‘-3_{(51 — €)%+ (63— €3)F + (63— €,)*V?

As aresult of all these steps we finally get
one data point on the plot € = f(r). This
procedure is simple in principle but compli-
cated to implement, since the crystallographic
orientation has to be determined for each
grain. As an alternative way of estimating the
amount of plastic deformation that occurred
around the SiC particle, the following approxi-
mation is offered.

First, the concept of combined plastic
shear strain v.,,, is introduced. We shall define
Yepss 8S

Yepss = KNS

where § is the average step height. In general,
the slip plane is not perpendicular to the
surface and therefore the coefficient K is
incorporated. K is a coefficient which will be
evaluated later. N is the slip band density,
which is obtained from the total slip band
length of all slip systems divided by the area
where the total slip band length is the length
of all the slip bands enclosed in a selected
area (e.g. a square mesh of some net). The
selection of the size of the area is based on
considerations of the scale. It is realized that
the combined plastic shear strain v,,,, has no
direct correlation with the effective strain €,
the octahedral shear strain v, or any other
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specufic strain. However, the relative simplicity
in the determination of 7., and the fact that
Yepss taKes into account direct proportionality
between the amount of plastic deformation
and the slip band density makes it very attrac-
tive for use as a criterion for plastic deforma-
tion in our case and in other similar cases in
general.

A.2. Determination of the coefficient K

The coefficient K takes into account the
different crystallographic orientations of slip
systems. Let us consider the case when we
have three slip systems operating, i.e. we see
three slip band groups. The individual slip
systems contribute the strain N,S,, N, S, and
N;S; to the total .p,, i.e.

Yepss = le-l + AVggz + NJS-s

where N, N, and N; are the slip band densities
and S;, S, and S; are the average displace-
ments on the band within each slip system,
given by

sin 63

where Sy, Smz and Sy; are the average
heights of the slip bands in the three slip
systems, measured perpendicularly to the
surface, and 4,, 8, and 8; are the angles
between the slip planes and the surface
plane. Thus,

- 1 - 1
coss = IV —— + N,Spyp——— +
Yeoss 1Sm1 sin 6, 29M2 o 8,
- 1
+ N3Sms —
sin 0,4
TABLE A1l

30

Now we shall assume that the amounts of
strain N;Sy,, N, Sy, and N;3Sy; are approxi-
mately equal because of the symmetry of the
specimen and provided that no voids or cracks
are created. Furthermore,

SO P S
Yeoss = VM Gin 6, sinf, sinf;
or
7cpss:KNgM
where

1 1 1
K= + +

sin 6, sinf8, sin @,
Let us evaluate the range within which K can
change by considering a unit triangle (Fig.
A3). Let the directions shown on the triangle
correspond to the poles of the surface of the
sample. Then the values of K would be as
shown in Table Al. The average value of K
is about 4.5 when three slip systems are
operating. Thus, the average correction factor
per one slip system is 4.5/3 = 1.5. In general,
slip band densities were measured along
directions going through areas where two slip
systems, i.e. two sets of slip bands, were
present. Thus for, two slip systems, K = 2 X
1.5 =3.

221

100 210

310 320
Fig. A3. Some orientations of the sample for which
values of K were determined.

110

Values of K corresponding to the orientations shown in Fig. A3

Surface plane pole (111)
K for (111) slip plane 3.2

(110)  (100)

(210)
37 3.7 3.66

(211) (221) (310) (311) (320)
5.1 59 3.6 4.2 3.1

(321)
49
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APPENDIX B

Among the several composite models des-
cribed in the literature, there is one that
appears to be close to our case; this is known
as the long-compositecylinder model. It
consists of long continuous fiber surrounded
by the metal matrix. This model implies that
plastic strain in the direction of the fiber (the
z direction) resulted from unequal expansion
or contraction of fiber and that the matrix
is a constant, i.e. €, = d!//l = constant where !
is the length of the fiber.

Therefore, the total plastic strain state
becomes a plane strain case which enables two
other plastic strains €, and €4 to be found
without difficulty. Although short composite
cylinders have the same symmetry as long
composite cylinders, the strain in the 2
direction is not a constant but is in general a
function of two variables: (1) the distance
from the interface and (2) the position along
the 2z axis. Since €, # constant, the long-
cylinder approach cannot be used in our case.

We shall discuss the case shown in Fig. Bl.
Let us consider an Al-SiC disk that cools
from a temperature T. As a result of cooling,
a certain amount of aluminum will be pushed
back because of the differential shrinkage of

SiC and aluminum. If we did not have SiC in
the center of the aluminum disk, the alumi-

num ring would shrink without any restraint
and the size of the bore would be reduced by

U, = Aa = a Aa AT

where g is the radius of the SiC, Ax (= 25 X
107 K1) is the difference between the co-
efficient of thermal expansion of aluminum
and that of SiC, AT (= 500 K) is the tempera-
ture interval and U, is the displacement at the
interface. The reduction in the radius of the
bore does not occur when SiC is present in
the center of the aluminum disk. The amount
of aluminum that is not allowed to go towards
the center of the bore would cause plastic
flow of the adjacent matrix in all directions
away from the SiC. Thus, some of the matnx
will spill out (as shown in Fig. B1). As we go
further away from the interface, the plastic
flow is restricted by the matrix that surrounds
the central portion. Two regions can be
considered: the plastic region that we assume
is adjacent to the SiC and the elastic region
that encloses the plastic region. Let us make
the following assumptions.

(1) In the plastic zone the matrix is a per-
fectly plastic material, i.e. no work hardening
occurs.

(2) At the starting temperature T of 773 K,
SiC and aluminum are just in contact with
one another.

(3) The profile of the aluminum which has
spilt out is a straight line.

A H" PLANE
AhL ! /

0" PLANE

Pradhini

SiC

-
—_
—-—
—
—
-
-

Fig. Bl. Schematic representation of the plastic-elastic shell around the SiC.
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(4) The plastic-elastic front is also a
straight line.

Now let us consider the radius p of the
plastic zone. It is a function of the vertical
position of the transverse plane in which p
1s considered. According to our assumption,

P = pPo —Qqz

(the equation of the straight line) where pg is
the plastic zone radius in the 0’ plane,
which is the plane of symmetry between the
upper and lower halves of the composite
disk. To determine q we let z = %H. i.e. the
top of the **H " plane is considered. When
2= %H, p = py. Therefore

Pr = Po — qi A

From this

1
q :z(po-PH)ﬁ

and now
2
o =Py —2(po—pu)g (B1)

Let us consider now the portion of the matrix
that spuls out. From the triangle shown in
Fig. B2 we can write

Py —r

Py —a

U, = Ah

(B2)

where U, is the vertical displacement. Gener-
ally speaking, the vertical displacement U, is
afunctionofzandr, ie.

U, =0i{f(z),8(r)}

Equation (B2) gives only an expression for
U, when the ‘“H" plane is considered. The

problem thus is to find a general expression
for U,. To do this, let us replace py in eqn.

-

JH® PLANE
N /

a J 12 1/2H

Py

Fig. B2. 'Spill-out"” portion of the aluminum matrix.

{B2) with a general expression for p (eqn.
(Bl1)) when z = ;H
—2(pg — -y
U, = Ah Po — 2(Pg Pu)lz —r
Po —2(po —Py); —a

Ah = JH Aa AT

and
1

U, = %H Ax AT 'D_o_ﬂpﬁif’i);f_qr (B3)

Po ~2(Pg —Pu)3 —a
If we simplify eqn. {B3) it reduces to eqn.
(B2), but let us leave eqn. (B3) in its form and
examine it in more detail. First let us substi-
tude H = 1 mm in eqn. (B3), since this is a
convenient way of simplifying this expression
and H = 1 mm happens to be the actual
height of our composite disks. Now we can
rewrite eqn. (B3) as

-9 — 1_ .,
Uz=§Ao<ATpo (Po Pu)f
Po—2(po —Pu)3 —a
forz = %H or if we normalize z' = z/H = %

Let us check the values of U, at different z
values. First, let z = % (‘““H” plane), and so

(B4)

U, = 1 awar P 2P —pa)% —r
Po ~2(po —pH); —a

Then, whenr = a,

U, = ; Aa AT = Ah

and, whenr = py,

U=0

Letz =0 (““0” plane), and so U, = 0, since
the ‘0’ plane is the plane of vertical sym-
metry. At this point we can see a certain

logic in eqn. (B4), which enables us to suggest
the general expression for U, in the following
form:

—92 — L
U=z da a7 20" 2R =Pu)Z —r
Po—2(po —pPuy)2 —a

(since H = 1). It is realized that eqn. (B5)
lacks rigorous proof. However, since it in-
corporates our boundary conditions and
since we do not have any additional informa-
tion, it is reasonable to adopt eqn. (B5) and
to see what results we can obtain and then to
judge the validity of this expression. Let us
consider the cylindrical coordinate system in
which the z axis coincides with the z axis of
our sample. By definition

(BS)
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N _du, To find the constant C we use the boundary
~ € = e condition U, ., = U, = a Ax AT:
- " M C N
€g = — U=aAac AT =——a+—+ —a?
. r 2 a 3
du, M N
" € = C=aU,+—=a%?~—ad
N . dz 2 3
Ly
€ = dl; Now eqn. (B10) becomes
2
dz
. : o M, e M Ne N,
) - — — =——r — ——+—r
= Aa AT ?® 2(po ~Pu)z 71 + (B5)* 2 r 2r 3r 3
N Po—2(po —pPH)Z —a ] _
. 9 Now we can find the strains €,, € and €, for
fa + 2 Aa AT [ (p(;( pH)(a ) r) ] the Q" plane:
Po —<a(Po —Pulz —a
- " - o °th t“ dU, M _Ua_Ma* Na* 2
: c € = =—— ———+—— +—Nr
: ompressibility requires tha = 2 2 or? 32 3
€, +te +te, =0
v ] U, M Ua Ma®2 Na® N
) = e— —_— —_— —_r
& or *or 2 2 22 3% 3
du, U, B12
dr+——+e,=0 (B6) €, =M—Nr ( )
r
! , o o Let us consider the tip of the plastic-elastic
N Let us consider the “0' plane, where z = 0; interface, i.e. r = po. Then (€, = O from eqn.
then
(B7))
ll . =daaT ' (B7) € =6
Po —a __ U, (B13)
. Equation (B6) then becomes - P
l’l 0
av, + v + Aa AT Po 7 _ 0 (B8) where U, is the displacement of the tip of the
dr r Pg—a plastic-elastic front:
i aU, U, =
. +—+M-—-Nr=0 (B9) Ur=s, = U,
dr r Each point of the plastic-elastic front is in
» where the state of incipient yielding, i.e.
I.‘
" E=¢€
M = Aa AT —£° . . . :
Po—a where € is the effective strain at the interface
and and €, is the yielding strain taken from the
A yielding condition of the tensile sample in
uniaxial loading:
e N = Aa AT
0y Po—a o, = Ee,
+ . .
The solution of eqn. (B9) is Therefore
‘ M C N g
N U=——r+—-+—-r2 (B10) €n =
< 2 r 3 o E
- *From here on we omit the superscript prime in z’ = _1_1_'_71
E and use 2 instead to prevent confusion, but it should 62x10°
be borne in mind that the value z is normalized with
respect to M. =2x1074
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where 0, = 11.73 MPa and E = 62X 10 MPa
for pure aluminum. Thus we have a system
of equations:

6r(f*ﬂa) == 0
(1]
UD
€3(rap,) — ;—0 (Bl14)
o
€r¢rap,y = 0

Applying the von Mises yielding condition,
V2
€= lerme) + (e meg)t + (e —eg))

where €, , €, and €3 are the principal strains.
Generally speaking, the strains €,, €; and €, do
not coincide with the principal strains €,, €,
and €3, because of the existence of the shear
component in the total strain tensor, which is
given by

dv, | du,
Yer = F
d&r  dz

The components vy, and v, are equal to zero
because of the symmetry around SiC.

du, Aa AT z

dr Po —2(po —Pn)Zz —a

for the 0" plane; when z = 0,dU,/dr = 0. To
evaluate dU,/dz, let us consider the region of
the matrix adjacent to the “0” plane as shown
in Fig. B3. Point A is displaced to point A’,
and point B to point B’. (B is a mirror image
of A.) The displacements U, ,- and Upp are
equal because of the symmetry and from the
assumption that no voids are created. The
displacement U, varies as we go along the z
axis and presents a continuous function of z.
Since the function is continuous and sym-

! A'
?
AA
Ur

; "0" PLANE
siC : Al

8 Ur 1

8’

Fig. B3. Displacements AA’ and BB’ of the matrix
symmetrical about the 0" plane.

metrical about the *0" plane, it goes through
its local maximum or minimum point when it
crosses the ‘0’ plane and therefore dU,/dz =0
when z = 0. Thus we found that, within the
*0" plane, all the shear components of the
strain tensor are equal to zero, which means
that €, = €,, €y = €, and €, = €3 for the
“0" plane. Thus, if we go back to the von
Mises condition of yield, the effective strain
€ can now be expressed as

2u2
€ =T{(€r-€o)2 + (g —€,)? + (6, —¢€,)? V2

and, from eqn. (B14),

A RGO
3 Po Po Po

Therefore

U

£ =1.7x107* (B15)
Po

From eqn. (B11) we get

M Uga Ma* Na* N
Upy =" Pt —+————+—-po

2 Po 200 3pe 3
and, substituting for M and N, we obtain
Aax AT{p02+apo +a? (a+po)Po 2}
= - +a
Po 3

Pa
(B16)

Equations (B15) and (B16) can be solved as a
system of two equations with two unknowns,
U,, and po. Solving them, we obtain po =1.15
mm. In order to find p;; we can follow the
same procedure. However, for the “H’’ plane
case the strains €., €5 and €, are not equal to
€,, €; and €. Therefore the procedure has to
be modified. The new procedure would be to
find an expression for
du, du,

+

dr dz

Yer =




A& _,&v ‘?‘

1.,—‘.

forz = % and then to solve the equation

e\ O Ye:
0 € — A 0 =0
Yar 0 G‘z_x

This is a cubic equation. Three roots give the
values for the principal strains:

SR 3
Ay = €2
and

A3 = €3

This is simple in principle but very complex
to implement for the following reason. The
individual components of this tensor are of
the type expressed by eqns. (B11) and (B15).
If the coefficients of the cubic equation were
numerical, then we could solve it using the
trial-and-error method. In our case, all the
coefficients have a general expression. The
general solution of the cubic equation has the
form

SERENGIE
sl QT

Each q and p would be a combination of the
expressions for €,, €, €, and v,,. Because of
the difficulty of determining p,; in a rigorous
way we can use an approximate solution by
treating strains €,, €5 and €, as the principal
strains €,, €, and €,. This implies that we
ignore the influence of the shear strain v,,.

It is realized that the resulting value for g,
will not be a true value but it will at least give
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an idea of the extent of the plastic zone on
the surface of the sample. Additionally, if
the magnitude of 4,, is small, the deviation of
€,, €g and €, from €, €, and €3 will also be
small.

Now, considering z = % and using the
yielding condition at the plastic-elastic
front, we can follow steps similar to those
that we used for the “0’ plane. As a result
oy = 1.11 mm. It is useful to find a general
expression for € in the ‘0" plane. After
substitution of the numerical values for a
and p, eqn. (B12) becomes, for z = 0,

115 —r

€, =——— Ax AT
0.65

0.513r% + 0.407 — 0.885r2

€ = 2 Aa AT
r

0.667r* — 0.575r> — 0.265 Aa AT

€, =
0.65r2 «

€=9.077X1073 X

0.531

r

.0
X (4.668"2 —10.35r + 5.952 —

0.42\V2

=

This effective strain is plotted as a function of
rin Fig. 5. When € = €5 = 2X 1074 is substi-
tuted in the expression above, the theoretical
plastic zone radius can be obtained from r =
p = 1.15 mm. The radius of the fiber is 0.5
mm. Thus p = 1.15/0.5 = 2.3 X fiber radius.
This radius includes the fiber size. Thus the
extent of the plastic zone measured from the
interface is (2.3 — 1) X fiber radius = 1.3 X
fiber radius.
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ABSTRACT

An investigation was undertaken to eval-
uate the strength of the interfacial bond
between SiC and the aluminum alloy 6061
matrix. Approximate bounding analysis
provided the conditions for separation of the
inclusion from the ductile matrix under the
local negative pressure (the triaxial tensile
stress). The experimental data were analyzed
to determine the local interfacial stresses at
the particle-matrix interfaces. The lower
bound value of the bond strength was deter-
mined to be equal to at least 1690 MPa.
Debonding of SiC particulates from the
matrix was found to be a rare event.

1. INTRODUCTION

The quality of the interfacial bond
between aluminum and SiC is important in
composite strengthening, independent of
the strengthening mechanism that is assumed
to be operative. One of the key elements in
the continuum mechanics treatment of the
composite strengthening is that the interface
transfers the load from the matrix into the
reinforcement [1-3]. The rule of mixtures
that emerges from continuum mechanics
relates a given property of the composite
to the properties of its constituent materials.
The credibility of this approach depends on,
among other factors, the bond integrity and
the efficiency of the load transfer from the
matrix to the reinforcement.

Recently it has been shown [4-6] that in
Al-SiC systems the interfaces are a major
source of the dislocation generation (on
cooling from fabricating temperature becar.se
of the difference in the coefficient of thermal
expansion). The resultant dislocation den-
sities at the Al-SiC interfaces can be very

0025-5416/86/83.50

high (10°-10'° cm™2), which significantly
contributes to the overall composite strength.
Interestingly, when an Al-SiC system is
subject to heating, the Al-SiC interface also
generates dislocations (provided that the
Al-SiC bond is quite strong) [7]. If the bond
is weak, the aluminum just pulls away from
the particle and is free to expand without
any restrictions on the part of the SiC and,
in the subsequent cooling, no dislocations
are generated. Therefore a good bond is
required to produce the high dislocation
density.

Several investigators have reported that
the Al-SiC bond is generally good (8, 9],
but a systematic evaluation of the bond
strength has not been, to our knowledge,
reported in the literature. Direct measure-
ments of the interfacial shear strength in
metal matrix systems have been made using
flat plate and fiber pull-out tests [10]. The
fiber pull-out test, which is of more interest
for this investigation, was used to determine
the interfacial shear strength in Cu-W and
Cu-Mo systems [11]. Several attempts were
made to carry out a direct measurement of
the interfacial bond shear strength in Al-SiC
using the pull-out test because of its apparent
simplicity. However, all these attempts
resulted in the brittle failure of SiC (single-
crystal, very-large-grain and sintered SiC were
used) at very moderate loads.

In addition, an effort was made to perform
a punch test using aluminum disks with
pieces of the SiC embedded in the center.
This effort also resulted in premature failure
of the SiC.

Another way to evaluate the interfacial
bond strength is based on the general under-
standing of the mechanism of the ductile
fracture [12-15] and was applied for the
determination of the interfacial bond
strength in spheroidized type 1045 steel,

© Elsevier Sequoia/Printed in The Netherlands
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Cu-0.6%Cr alloy and maraging steel contain-
ing Fe;C, Cu-Cr and TiC particles [16, 17].
Provided that the ductile fracture starts by
void nucleation at the inclusions and second-
phase particles, the theoretical bounding
analysis [15] allows the evaluation of the
interfacial strength in the systems with the
small volume fraction of the second phase.

The purpose o1 this investigation was to
determine experimentally the bond strength
between SiC and aluminum in a commercial
composite material using the analysis of
separation of the inclusion from the matrix
under the negative pressure.

2. EXPERIMENTAL PROCEDURE

A 1v0l.% SiC particulate in an aluminum
alloy 6061 matrix composite purchased from
DWA was used for this investigation. The low
volume percentage of the particulate was
necessary in order (1) to provide favorable
conditions for ductile fracture and thus to
activate the mechanism of a void nucleation
and growth type of failure and {2) to satisfy
criteria of non-interacting particles [17].

At higher volume concentrations the Al-SiC
composites exhibited very little ductility.
The theoretical analysis of the inclusion
separation from the matrix that was used

in this investigation was based on the
assumption that there is no interaction
between the particles, which is a reasonable
statement for a small-volume concentration.

The composite material was machined to
standard tensile test specimens. In order to
introduce a local triaxial stress state, a
circumferential groove was electricodischarge
machined in the center of the specimen
(Fig. 1). Subsequently, the specimens were
solution annealed at 823 K for 12 h and
iced water quenched in order to keep the
Mg, Si phase in the solution and thus to
limit the presence of particles other than
SiC. After quenching, the samples were
placed in the freezer of a commercial refrig-
erator where they were stored at 265 K, and
within a few minutes the samples were
warmed up to the testing temperature of
295 K. The specimens were tested in tension
to fracture using the Instron testing machine
at a cross-head speed of 0.05 cm min~!. The
fractured halves were electric discharge
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35mm

5.5mm .

g:=2.25mm

--l
rL—R 0.l mm

(b)

Fig. 1. A schematic view of (a) the specimen and
(b) an enlarged portion of the groove showing the
groove geometry and the location of the maximum
triaxial stresses.

machined, cut longitudinally (parallel to the
tensile axis) and mechanically polished. Final
polishing was done using a colloidal silica
suspension as abrasive (Buehler’s Mastermet)
on the special moderate-length nap cloth

(Buehler’s Mastertex). Since this suspension ¢
has a slightly alkali reaction, the final polish- ‘
ing was accomplished both mechanically and

chemically. Therefore the surface was ready S

for inspection without the necessity of
etching to delineate the SiC particulates.
Polished sections were examined for void

and particle separation using scanning electron
microscopy.
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Fig. 2. Electron micrographs of the different areas of the longitudinal cross sections of the fractured Al-1vol.%SiC
specimens: (a), (b) taken in the vicinity of the bottom of the groove (no apparent debonding is present at the
position of maximum triaxial stress); (c)-(g) taken below the fracture surface away from the groove; (h)-(j) taken
far away from the fracture and representing the bulk of the specimen. (Magnifications: (a) 428x ; (b) 540x; (¢)
500x;(d) 490x;(e) 930x;(f) 623x;(g) 720%x;(h) 475x; (i) 598x;(j) 428x.)

3. EXPERIMENTAL RESULTS AND DISCUSSION

The experimental technique adopted in
this work was based on the determination of
local stresses during plastic deformation
under a triaxial stress state [16]. The bonding
analysis [16] showed that the interfacial
stress o, can be expressed as

On =07 + Y(e%) (1)

where or is the local negative pressure (the
triaxial tensile stress) and Y(&®) is true flow
stress in tension corresponding to the local
average plastic strain, had the second-phase
particle been absent. This analysis was based
on the assumption that (1) particles have an
equiaxed shape and (2) the volume fraction

of the second phase is small. Also, it can
be mentioned that SiC is rigid and unde-
formed. This physical property agrees very
well with the assumption of rigidity of the
inclusions [16].

The distribution of the triaxial tensile
stress along the radial line in the plane of the
groove was obtained from the theory of
stress concentrations on circumferentially
grooved elastic bars originally considered by
Neuber and then expressed [16] as
or c _

0 a-carpr  #70 @
where 0y /0o represents the triaxiality, o is
the negative pressure, g, is the flow stress or
average ligament stress, z is equal to the
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[} Fig. 3. Electron micrographs of the areas below the fracture surface (a) at the bottom of the groove and (b)-(e)
away from it where debonding was observed. (Magnifications: (a) 576x,;(b) 450x;(c) 495x;(d) 720x,

(e)768r.)

vertical distance along the z axis, i.e. the
tensile axis center-line of sample, and r is
the distance from the z axis. Since the tri-
axiality g1 /0, reaches its maximum value

at the bottom of the groove, r should be
equal to a where 2a is the diameter of the
ligament (see Fig. 1). The parameters ¢ and
a are defined as follows:
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1+a/R+ (1 +a/R)?

€T 2(2+a/R + (1 +a/R)?} (3)

_ a1l +a/R)

g=——— (4)
a/R

where a is the radius of the ligament and R
is the radius of the groove (see Fig. 1(b)).
The longitudinal sections of the tested speci-
men are shown in Fig. 2. In general, the
number of voids associated with the debond-
ing of SiC particulates was much smaller
than the total number of voids related to
the fracture. Several examples of the areas
where debonded SiC particulates can be
observed are shown in Fig. 3. The debonding
shown in Fig. 3 is a rather rare event and is
not typical of Al-SiC fractured samples {18].
According to the Neuber analysis, the
largest negative pressure occurs at the outer
surface of the groove (see Fig. 1). Since, in
general, no separation between the SiC
particulates and the aluminum matrix was
observed, it is reasonable to assume that, for
the Al-SiC bond,

O = aTmu + Y(ép)

The value of Y(é®) was obtained from the
stress-strain curve as

_ Py
Y(eP)=—
Aq

=g, (5)

where P; will equal the load at failure which
will be 750 kgf and A, will equal the area
across the grooved region. The values of ¢
and @ can be obtained from eqns. (3) and
(4) respectively. At the bottom of the cir-
cumferential grove (z = 0), these values are
¢c=048anda= 2.3 mm.

Substituting eqns. (5) and (2) into eqn.
(1), we obtain

[o]
0,=0g —————— 4+ 0
T 1= rappr 0
~ 1690 MPa

Thus the lower bound value for the Al-SiC
bond strength is 1690 MPa; the Neuber
analysis is applicable to a linear solid, i.e. to
a material with linear strain hardening.
From the stress-strain curves obtained, it
was felt that the behavior of the tested

specimen could be approximated to a linear
body.

4. CONCLUSIONS

Provided that the above-mentioned assump-
tions are reasonable (and there is no reason to
question the assumptions if a lower limit of
the bond strength is determined), it can be
concluded that the bond strength between
aluminum alloy 6061 and SiC is at least
1690 MPa. (This is 40 times higher than the
yield stress of the annealed aluminum alloy
6061.) It is thought that debonding can be
attributed to the defects during fabrication
of the composite material. The ductile fracture
of Al-SiC composite with a low volume per-
centage of SiC occurs by void nucleation at
SiC particulates and also at the matrix imper-
fections (pre-existing voids, inclusions, MgSi,
etc.). A separate investigation, however, is
required to determine explicitly the origin
of the ductile fracture in Al-SiC systems. It
is realized that the assumption of equiaxiality
of the SiC is rather poor. This results in
further underestimation of the bond strength
since, under the same macrostress state,
irregularly shaped particles would have
higher stress concentrations and, thus,
separation from the matrix would be expected
to occur at an earlier stage than for a spherical
particle. If the irregular shape of the particle
could be taken into account, the lower limit
would increase.
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THE EFFECTS OF DIFFERENCES IN THERMAL COEFFICIENTS OF
EXPANSION IN S1C WHISKER 6061 ALUMINUM COMPOSITE*

Richard J. Arsenault

Metallurgical Materials Laboratory
University of Maryland
College Park, MD 20742 USA

Minoru Taya
Department of Mechanical and Aerospace Engineering
University of Delaware
Newark, DE 19716 USA

Summary

When a metal matrix composite i{s cooled down to room temperature from
the fabrication or annealing temperature, residual stresses are induced in
the composite due to the mismatch of the thermal expansion coefficients
between the matrix and whisker.

An investigation was undertaken of the extent of the thermal residual
stresses by an X-ray diffraction technique as well as of the difference of
the yield stresses Acy between tension and compression resulting from the

thermal resi{dual stresses. A theoretical model based on the Eshelby’s
method was then constructed for the prediction of the thermal residual
stresses and Aoy. The agreement obtained was very good between the

experimental results and the theoretical predictions.

*

This research was supported In part under a contract from the Offfce of
Naval Research, Contract No. NOOO14-85K-0007.
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Introduction

Metal matrix composites (MMCs), including eutectic composites, are
becoming {mportant {n thetfr application to structural components which are
to be used at intermediate and high temperatures. When MMCs are fabricated
at high temperature or auncaled at a cerftain high temperature and cooled
down to room temperature, undesirable resultes, such as low tensile yield
stress and strength of the MMC upon mechanical testing at room temperature
are produced. These results are mainly due to residual stresses that are
caused by the mismatch of the thermal expansion coefficients between the
matrix and fiber. This subject has been studied by a number of resecarchers
(for examples sce references 1-13). The restidual stresses so induced have

been observed in tungsten fiber/copper composites(7) and in SiC whisker/H06

(8,9

Al composites Most of the models purposed to estimate the residual

stress were based on one-dimensional analysis(l-3),

(4,5) (10)

cont{nuous fiber

systen or spherfical particle system

The m.,del based on Eshelby’s equivalent inclusion mechod(7) has been

used to solve the problem of thermal residual stress(lz_la). The advantages
of the Eshelby’s model are that {t can solve a three~dimensional composite
system such as short whisker composite and also can take into account the
effect of the volume fraction of whisker (Vw) easily.

Eshelby’s method has been used also for predicting the yield stress and

work-hardening rate of metal matrix composites(ls—lg). The effect of the
thermally induced residual stress on the yield stresses has been discussed

by Wakashima et al.(18> who predicted that the yield stress in compression
(q;) exceeds that in tension (g;) for continuous B fiber/Al composites which
were cooled down, although no comparison with the experimental data was

made.

In this paper we focus on the residual stresses induced fn a short
whisker MMC due to the temperature drop and its effect on the yield
stresses. The target short whisker MMC is SiC whisker/606] Al composite.

Experimental Procedure

Materials

The target short fiber MMC was SiC whisker/6061 Al composite and was
purchased from ARCO/SILAG. The composite was in the form of an extruded rod
15.5 mm in diameter. Three different volume fractions of whisker (Vu) woere

used: V= 0, 0.05 and 0.2. The composite was supplied as-fabricated (no

heat treatment made), was machined i{nto samples (Fig. la and 1b), anncaled
for 12 hours at 810 K, and then furnace cooled.

Testing Methods

Tens{on and Compression Tests. The testing was performed in an Instrom
testing machine using a l1{quid metal container as the lower gripping device.
This method of gripping was cmployed to ensure very good alignment of the

(20)

sample. This test procedure is described In greater detail eclsewhere

Samples of two different gauge lengths were used to determine {f there was a
gauge length effect (there was none). The effective gauge length of the
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samples was determined by gluelng strain gauges on the center portion of the
) sample and comparing the results obtained from a clip on an extensometer
t: which mounted into the "V" grooves. 1If the extensometer is mounted directly
to the uniform gauge section, there {s a high probability that the sample
s will fracture where the "knife" edge ‘of the extensometer mikes contact with
ii the sample. Several tests In the low stress range were conducted usfng both
the extensometer and the strain gauge; from these tests the effective pauge
length was determined. Subsequent tests were conducted using only the
?, extensomenter. The samples, which were tested in the range from
-5 -1 -3 -1 .
s 8 x 10 sec to 2 x 10 sec , showed no effect on strain rate.
|
>§3
4.3
E 38.1 38.1

38.1
r—214—1

L R000HEnL
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Figure 1 - A schematic diagram of the
sample conflguration which was used in
the tension and compression testing.
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The dimensions are in millimeters. :F
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Residual Stress Measurement by X-ray Diffraction. The X-ray r;

diffraction techni{que was used to measure residual stress. Two components ;ﬂ

of the residual stress were focused on: the stress along the extrusion a:
direction (longftudinal direction), which coincides with the whisker axi{s of "

: a majority of whiskers (OL)' and the one in the transverse direction (oT). ;:
f The data were obtained and reduced by standard techniques as outlined by &
; Cohen et al.(ZI). §
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Experfmental Results

The stress-strain curves of Vu = 0, 0.05 and 0.2 composites are plotted

in Fig. 2a, b, and 2c, respectively. The solid and dashed curves denote
the tensile and compress{ve test resdlts, respectively. The yield stress

was measured as 0.2% off set strafn and {s {ndicated i{n the flgures by
arrows.

S0
60»—-
o
a -
b3
b
T / OV % W ANNEALED
TENSION
— — COMPRESSION
«— Y{ELD STRESS
(0] 1 i 1 1 1 [ 1 1
0 2 4 6 8 10 12 14 16 (x10°3)
“«
Figure 2a - The absolute stress vs. strain curves for tension

and compression test of 0 volume ¥ whisker material {n the
annecaled condition.

240
200
160 |—
g
s 120
)
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Figure 2b - The absolute value of stress vs. strafn for

5 volume X whisker composite {n the anncaled condition.
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Figure 2c - The absolute value of the stress as a function

of strain for 20 volume X whisker material in the
annealed condition.

The residual stresses were measured by X-ray diffraction on three dif-
ferent values of v, (0, 0.05, and 0.2) and are tabulated in Table 1 where

the raage aof scattered data is also shown. It is noted that the values of
9 and I represent the volume average quantity {n the matrix (6061 Al). Tt

should also be noted that a compressive residual stress was found for all
cases.

Table I

Residual Stresses X-Ray Netermination

Sample Designation Trans. o Long. 0L
vV, % MPa MPa
0 -37 to -44 -18 to 22
5 -17 to -41.4 -29 to -41.4
20 -49 to -57.3 -24 to -44.2

- compressive residual stress

Theoretical Procedure

The theoretical model used here {s based on Eshelby’s equivalent

inclusfon model. Mor{ and his co—workers(l5-17) extended Eshelby’s method
to predict the yield stress (¢ ) and work-hardening rate of aligned short

whisker compos{tes. Wakashima et al.(la) extended the above approach to
predict oy by considering the mismatch of the thermal expansion coefficients

of the matrix and fiber. Following the above models, Takao and Tayn(la)
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have recently computed the stress fileld in and around a short fiber {n a

short fiber composite where the fiber 1s anfsotropic both

in stiffness and
thermal expansion.

In this paper we focus on the avofhge thermal residual stress induced
{n the matrix by the cool-down process and also the yield stresses in ten-
sion (oi) and compression (0;) when the composite 1{s tested at the room
temperature. The former case {s essentially based on the model by
Taya(lé).
al.(ls)

Takao and

and as the latter case, we extend the model by Wakashima et

to account for the bi-linear stress-strain curve of the matrix.

Formulation

Consider an infinite body (D) which contains ellipsoidal whiskers (Q)
aligned along the xj-axis (Fig. 3). This composite body D is subjected to
the applied stress field 02,. The stiffness tensors of the matrix (D-Q) and

J
whisker (Q) are denoted by Ci jke and gzjke’ respectiviézs
Eshelby, the transformation strain( or eigenstrain is given in

the fiber domain Q as
* *

a, ., where «a,. is the
ij ij

Following

strain due to the mis-
match of the thermal ex-
pansion coefficients and
the uniform plastic

strain eii is pre-

scribed 1ﬁ the mat-

rix(ls). As far as the
stress field {s con-
cerned, the model of Fig.
4 is equivalent to that
of Fig. 3. Thus, the
present problem {s re-
duced to '"inhomogeneous
inclusions problem" (Fig.

4)(22). The model of
Fig. 4 will be used not
only to predict the yield
stresses and work-harden-
ing rate, but also to
compute the thermal resi-
dual stress. For {n the
latter case, we will set
% p

oij = eij = 0.

Figure 3 - Theoretical model: actual case
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Figure 4 - The equivalent inclusion model
converted from Figure 3.

Following the Eshelby’s equfvalent inclusion method modified for a
finite volume fraction of whiskers(zz'ZB). the total stress field in the
£ o

ibers oij + oij is given by
(o] w [o) ~ * P
+ = - -
opy *ogy = Crpgleg vegy e - (o - el
o ~ * P *
= - - - \
Cljkl{eki te, t g <“k2 ekl) ekl} (0
where

o N fn D “2)

15" ©1 ke ke
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<Oij>m = Cijkzekz in D-Q (3

*
In Eq. (1), L is the flctitious eigenstratn(zz) which was introduced to
°

conanect the present problem to “"inclusion problem" and o is the average

strain disturbance Iin the matrix and related to the averaée stress disturb-
aunce in the martix <o, > by Eq. (3). <o, > s defined by
{ijm i m
1
<o, > = | g, dv (4)
Iym Vpgq “pq 1

wvhere VD—Q is the total volume of the matrix and o

(g and ey in Eqs. (1)
and (4) 1s the stress and strain disturbance, respectively, by a single
fiber © when it {s embedded in an infinite matrix. Since the stress
disturbance when {t is integrated in the entire domain D vanishes,

[ o dv=0 (5)
p 1
The stress disturbance oij is obtained from Egs. (1) and (2)
~ * %k
955 % Cignp (kg ¥ ey T kg (6)
where Ak % * o
ke T % T Cke T G M

From Eqs. (3), (5) and (6), we obtain

~ * %
eg5 = - vw(eij - eij) (8)
According to Eshelby, eij is related to the total eigenstrain e:: as
*
e1j 7 Sike®ke (9)
wvhere Sijke {s the Eshelby’s tensor and a function of Cijkz' Ctjkl and the
geometry of the ellipsoldal whisker(zz).

The fiber is assumed as a prolate
spherold, hence the whisker aspect ratio £/d is a single geometrical para-

meter. For simplicity, we assume that the matrix and fiber are isotropic

both {n stiffness and thermal expansion coefficient. Thus, C v

d
° kg’ C1jee 2°
qij are given by

Cyiug = Myybyp + 86, + 6,69 (10)
W A% w
Clykg = X Opybkq * 0 (8 by + 64,8 an
* (12)
aij = - (uw - a) éijAT

In the above equations, § {s the Kronecker’s delta, ) (xw) and y (uw) are

Lame’s constants of the matrix (whisker), a (aw) is the thermal expansion
coefficlent of the matrix (fiber) and AT {s the change in temperature
(AT > 0 corresponds to the temperature drop).

The stress field in the fiber {s obtained from FEqs. (6), (B), (9) an.

(10)
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b e oij = -v ){( kkmnpmn N Okk) Aéij + Zu(sljmnomn - 011)} (13)
\"
f o After solving for ei; {n Eq. (1) by use of Eqs. (8) and (9), we can comput e
ii the stress disturbance oij fn the whiéker from Eq. (13).
Yield Stresses oi, o;;and Work-Hardening Rate

The method of computing the yield stresses 0; and c§ and the work-

o e B &

hardening rate of the composite is described briefly.

The total potential
energy of Fig. 3, U, is given by

1 o ~
- U=~ + + + - - dv
K > fD (0i oij)(u Uy tugy ey T J)
- o o ~
- - + 14
o j' oijnj(ui +u, +ou)ds (14)
- iol
= where ui, Ei and u; are the displacement components corresponding to
B e.., zij and eij’ respectively; the index j preceded by a comma denotes a
ij°
- partial differentiation with respect to x : {D| is the boundary of D: and nj
~ . R
:} is the j-th component of an unit vector outer normal to |D|. Then, the

change in u due to the change in the plastic strain § esj i{s given by

e P (15)
o 6U = - fD (ci] + cij)é ey ;v
. In the above deviation, the Gauss’ divergence theory and the following
e equation were used
(]
~ _
. fn dij(éuij Guij)dv ]

Noting that the plastic strain exists only i{n the matrix (D-f), Eq. (15) is
reduced to

' v

P o
= = - - 16

be s {1 Vo Vu°1j} (16)
:Q Under the uniaxial stress along the xq-axis (0 ), oz_ and eY’ are given by
o J 1
;._ 0 —l/?_ep
. 0 1 /n
<. 00 - . o 1/‘.9
- ij o] eij = Cp (]7)
- 0
- 0
< 0]
- 0 0

0

o
where the six components of cij and e?

i are expressed in the order of (1j) =
11, 22, 33, 23, 31, and 12, and ep {s the plastic strain along the x

3"
axis. On the other hand, the energy dissipation due to the plastic work in
the matrix, §0, {s given by

r

N §Q = (1-V )g 6e (1R)
~ wiy p
N
.'V
1 3
PP SRR ,.,}._‘_-.J,—._ PR IRERES "Ly -.-,_- '-...
”ﬁ{»R‘WmAU- lnLAmnnnﬁﬂnanﬁnﬂumd
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where ¢ Is the flow stress of the matrix for the bilinear model
. v
= = 0%+ B )
. Oy = Oy ire ep (19)
. where oo and ET are the {nit{al yield stress and tangent, modulus of the
- y
. matrix, respectively, and e {s the total strain. Since SU + 8§0 = 0, we
obtain
. v
W 0 =0 + (04, -0, ) (20)
v o v 1-v ) 13 11
N E w
In the above deviation, - R PP - 1 were used. Combinin
R o Br9T 920 epy T e 7 ° &

p
the solutions of oii in Eq. (13) and Eq. (20), we can obtain the yleld

. t .
stress of the composite in tension (g = ¢ ) and that in compression
.. y o

. c

o (Oy - Oo) as
oc/oO = C,. + C, a AT

" y Uy 0 1 m

‘s (21)
6</a = C. - C, a AT

‘ y' Uy 0 1 "m

i{

.

Similarly, the work-hardening rate of the composite, ET i{s obtained as

+ E
N = T

: s _[E_ = + - 22
N FT/FT C, + Cy (E ) (22)
. In the above equations, Cy, Cl’ CZ‘ and C3 are functions of the mechanical
ii properties of the matrix and whisker and the fiber aspect 2/d, F is the

Young’s modulus of the matrix.
“ Thermal Residual Stress
"N
When the conmposite is cooled down by AT, the thermal residual stress is
IE fnduced In the composite. The theoretical model for this problem is the
- same as that shown in Fig. 4 except that Oij = ezj = 0 in the prescnt
- case. Hence, the formulation up to Eq. (13) {s valid and will be used to
{: compute the thermal residual stress. Once the stress within the whisker
" i t
oijn) is computed, the stresses just outside the whisker o(?u ) can be
g obtained by the following relation(13)
A+ - +
(out) _ (fn) e g, Gony
. %pa %pq “pamn Cklij 132 n p(A+21)
- *
+ e} (23)

mn

= (in) *
where opq s given by Eq. (13), e11 is solved by Eq. (1), XA and u are
previously defined and ng fs the (—tﬁ component of the unit vector pre-

pendicular to the surface of the whisker. 1If one wants to compute the

PN stresses just outside the equator of the ellipsofdal whisker where n = (1,
N, 0), we can obtain the stresses {n polar coordinates, o o . and g there
0, as
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(out) (ftn)
o = ¢
v v
(out) (in) 1 *k v ke
= + 2u{. - + — 24
% % {5 e T ol 24
(out) _ (in) v * * i *k
z =9 M zu{l—v €11 +'l—v e33]
where v is the Poisson’s ratio of the matrix..
Next the average stress field in the matrix, <Oi'> , can he also
m
obtained from Eqs. (3), (8) and (9) as J
¢ S *k **) (25
= -V € - 2f
%15 m v C1ike Suamn®mn T Cke )

The average stress in the matrix, <g > , <o.> and <o_> , will be computed
rm 8 m zm

by setting {j = 11, 22, and 33 in Iq. (295).

It should be noted here that
g > =
rm

<oe>m due to the assumptions of an aligned short whisker compositeo

which results in the transverse isotropy of the volume average quantity.

Theoretical Results

The thermo-mechanical data of the matrix and whisker for the theore-
tical calculations are obtalned from the stress-strain curve of the matrix
(Fig. 2a) and the material properties handbook.

Annealed 6061 Al matrix (bilinear model):

E = 47.5 GPa
Ep = 2.3 GPa
03 = 47.5 MPa (26)
v = 0.33
« = 23.6 x 1078/
SiC Whisker:
Ew = 427 GPa
v = 0.17 6 (27)
o« = 4.3 x 107%/°%
eVd = 1.8

where the average value of the fiber aspect ratfo (2/d) was used(za) and the
bilinear stress strain curve of the matrix is indicated by a dash-dot line
in Fig. 2a. The temperature drop AT is defined as

AT = T, - T (28)

where T, is taken as the temperature below which dislocation generation is
minimal during the cooling process(g) and Ty {s the room temperature. Thus,

for the present composite system AT is set equal to 200 K.

The theoretically predicted oc and at can be obtained from Eq. (21).

The differences between o; and ot (qc - qt) for various Vw are shown as the
y y

solid line in Fig. 5. The differences between cc and ct increase with

t
increasing V,- The experimentally determined differences between 0" and o
are represented by the open circles in Fig. 5. The experimental values of
the yield stresses are taken as the stresses 0.27 off-set strain. It
follows (F{g. S) that good agreement is obtained between the experfmental

. maem e v et o MR il Bl e
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1 1 1 1 9
= 0 0.1 02 VvV,
= Figure 5 - The difference {n yleld stress between
compression and tensin as a function of volume X%
- silicon carbide whisker.
’ and theoretical results of the difference in the compressive tensile yield
- stresses. However, the experimental values of c§ are greater than the
: theoretical values of c;. and simf{larly the experimental values of ot are
greater than the theoretical values of o;. ;
L From the data given by Eqs. (26) - (27) and the use of Eq. (25), we
have computed the average stresses {n the matrix and the stresses just
g outside the fiber and plotted schematically the OL and <0L>m along the x (or
o x,) and x4 axes in Fig. 6.
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Figure 6 - Is a schematic of the stress distribution
v in the matrix and in the ref{nforcement due to the
K difference in thermal coefficient of expansion
. between the silicon-carbide and aluminum.

.

N Next, the thermal residual stresses averaged in the matrix of the S{C
. whisker/6061 Al are predicted by Eq. (25) and the results on <oT> and
! m
<cL>m are plotted {n Fig. 7 as a function of the volume fraction of whisker
:: (vw), where the subscripts, T and L denote the component along the trans-
[
verse direction (r and 6) and longitudinal direction (z). The average
. theoret{cal thermal-residual stress {s predicted to be tensile {n nature.
r L]
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Figure 7 - Predicted residual stress in the
matrix for the transverse and longitudinal directions.

Discussion and Conclusions

The theoretical predictions and experimental results are in very good
agreement in most cases, and in some cases the differences are to be
expected.

The theoretical model is based on an extension of previous work by

Eshelby(ll), Mura and Taya(13), and Tanaka and Hort(IS), and it can predict
the yield stress in tensfion and compression and the thermal residual stress.
The predicted values of the yleld stress in tension and compression are less
than the experimentally determined values of the yleld stress in tensional
compression. This difference between the theoretical and experimental
stresses is due to the fact that the V, = 0 curves of stress vs. strain were

used for the matrix {n the composite cases. It has been demonstrated by

Arsenault and F(sher(g) and Vogelsang, et al.(g) that there {s a much higher
dislocation densfity In the annealed composite matrix than in the vV, = 0

material. Therefore, the matrix {s stronger then the annealed V, = 0 matrix

alloy. However, this increase {n matrix strength due to a higher di{sloca-
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tion deas{ty does not {afluence the difference {a vield soress in the

Coym -
pression vs. tensfon. The theoretical prediction is that the vield stregs
{n compression should be hipher than the yield stress {n tenston, and this

is exactly what {s observed experimentally.

The theoretical prediction that the compressive vield stress s hipgher
than the tensfle yield stress suggests that a tensile resf{dual stress exists
{n the matrix of composite. An average tensile residual stress is predicted
fn the matrix as shown in Figs. 6 and 7. However, the experimentally deter-
mined residual stress (s compressive, {.e., opposite of the prediction.

This difference can qualitatively be explained {n terms of the magnitude of
the tensile and compressive residual stresses In the matrix. If the com-
pressive regions of the matrix were eliminated and only the tensile regions
were examined, then there would be no change in the diffraction peak condi-
tions, because the limit of detection is ~ 50 MPa. If a simflar experiment
were conducted, but in this case only the compressive reglons were kept then
there would be a change in peak position because the compressive residual
stress {s greater than the detection limit. Now, if both tensile and com-
pressive regions are combined, the net result, a small compressive residual,
will be experimentally detected, which 1s in agreement with the X-ray
residual stress measurements.

It is possible to arrive at the following conclusions from the
theoretical model and the experimental results.

1. The theoretical model predicts a higher compression yield stress than
tensile yleld stress, which {s in agreement with the experimental
results.

2. The absolute magnitude of the predicted yield stress (tensile and
compressive) 1s less than the experimental yield stress due to an
{ncrease in matrix strengthening. The increased matrix strength is due
to a higher dislocation density in the matrix: the higher dislocation
density is a consequence of the difference in coefficient of thermal
expansion between the Al alloy matrix and the SiC.

3. The magnitude of the average residual stress is small, but at the SiC-Al
alloy interface there can be a large compressive stress.

4. The residual stress, in the region between SiC whiskers, is tensile and
this is the likely region where plastic deformation would begin. For in
this region the matrix contains a lower dislocation density than
ad jacent to the SiC whisker, {.e., in this region the matrix is wecaker.
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THERMAL RESIDUAL STRESS IN METAL
MATRIX COMPOSITEY

R. J. ARSENAULT' and M. TAYA?
'Engmeerg Matenals Group, Metallurgical Materials Laboratory, University ol Marnyland,
College Park, M) 20742 and
Department of Mechamcal Engineening, Uneversity of Washington, Seuttle, WA 98195, LIS A

(Recetved 6 Junuary 1986, in revised form 6 June 1986)

Abstract- -When a metal matrix composite is cooled down to room temperature from the fabncation or
anncaling temperature, residual stresses are induced in the composite due 1o the nusmateh of the thermal
expansion coctiicients between the matnx and fiber. An investigation was undertaken of the magnitude
of the thermal residual stresses by determining the difference of the yield stresses (Ag ) between tension
and compression resufting from the thermal residual stresses. A theoretical model bised on the Eshielbs s
method was then constructed for the prediction of the thermal residual stresses and Ag, . The agreement
obtained wus very good between the experimental results and the theoretical predictions

Résumé—Quand on refroidit un composite @ matrice métallique depuis la température d'¢laboration ou
de recuit jusqu'd la température ambiante, on introduit dans ce composite des contrainles internes
provoquées par les coefficients de dilatation thermique différents de la matrice ct de la fibre. Nous avons
enlrepris la mesure de ces contraintes thermiques résiduelles en déterminant la différence des hnutes
¢lastiques (Ag,) en tension et en compression qui résultent des contraintes thermiques résiduelles. Nous
avons ensuite construit un modéle théorique, basé sur la méthode d'Eshelby, pour prédire les contraintes
thermiques residuclles Ao, Nous avons obtenu un trés bon accord entre les résultats expérimentaux et
les prédictions theoriques.

Zusammenfassung—Wenn cine Metallmatrix von der Herste!lungs- oder Auslagerungstemperatur auf
Raumtamperatur abgekdhlt wird, dann entstehen in dem Werkstofl Spannungen, die aus der Fehlpassung
durch dic unterschiedlichen thermischen Ausdehnungskocfiizienten zwischen Matrix und Faser herrithren,
Diec Hohe dieser thermisch bedingten Restspannungen wurde untersucht, indem der Unterschied in den
FlieBspannungen zwischen Druck- und Zugverformung bestimmt wurde. Ein Model wurde fur die
Voraussage der thermischen Restspannungen und der FlieBspannungen aufgestellt, welches auf der
Methade von Eshelby beruht. Die erhaltene Ubereinstimmung zwischen Experiment und Theoric ist sehr
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L. INTRODUCTION

Mectal matrix composites (MMCs), including cutectic
composiltes, are becoming important in their applica-
tion to structural components which are to be used
at intermediate and high temperatures. When MMCs
arc fabricated at high temperature or anncaled at a
certain high temperature and cooled down to room
temperature, the MMCs have undesirable propertics,
such as low tensile yicld and ultimate strengths. These
results are mainly duc to residual stresses that are
causcd by the mismatch of the thermal expansion
cocfficients between the matrix and fiber. This subject
has been studied by a number of researchers (for
examples see Refs [1-14]). The residual stresses so
induced have been observed in tungsten fiber/copper
composites [7] and in SiC whisker/6061 Al compo-
sites [8, 9]. Most of the models purposed to estimate

tThis rescarch was supported in part under a contract from
the Office of Naval Research, Contract No. N 14-
85K -0007.

the residual stress were based on one-dimensional
analysis [1-3], continuous fiber system [4, ).
spherical particle system [10].

The model based on Eshelby's equivalent inclusion
method [11], has been used to solve the problem of
thermal residual stress {12-14]. The advantages of
the Eshelby’s model are that it can solve a three-
dimensional composite system such as short whisker
composite and also can take into account the effect
of the volume fraction of fiber (V) casily.

Eshelby's method has been also used for predicting
the yicld stress and work-hardening rate of metal
matrix composites {1 5-19]. The cffect of the thermally
induced residual stress on the yicld stresses has been
discussed by Wakashima er al. [18] who predicted
that the yield stress in compression (a$) exceeds that
in tension (o) for continuous B fiber/Al composites
which were cooled down, although no comparison
with the experimental data was made.

In this paper we focus on the residual stresses
induced in a short whisker MMC duc to the tem-
perature drop and its effect on the yield stresses. The
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Fig. [. A schemauc diagram of the sample configuration
which was used in the tension and compression testing. The
dimensions are tn millimeters.

target MMC s aligned fiber MMC with a special
emphasis on SiC whisker/6061 Al composite.

2. EXPERIMENTAL

2.1, Materials

The target short fiber MMC was SiC whisker/
6061 Al composite and was purchased from ARCOY
SILAG. As g control MMC a SiC spherical 1100 Al
composite was also purchased from ARCO'SILAG.
The composite was in the form of an extruded
rod 15.5mm in diameter. Three different volume
fractions of fiber (or whisker) I, composites were
used: V=0, 0.05 and 0.2, and a compositc with
spherical SiC parucles of 0.5 jem in diameter, having
a volume fraction, ¥, equal to 0.2 was also used. All
of the matenal was supplied as-fabricated (no heat
treatment) condition, they then were machined into
samples [Fig. 1(a) and (b)), anncaled for 12h at
8i0 K, and then furnace cooled.

2.2. Testing methods

The tension and compression tests were performed
in an Instron testing machinc using a liquid mcial
container as the lower gripping device. This method
of gripping was employed to ensurc very good align-
ment of the sample. This test procedure is described
in greater detail elsewhere [20]. Samples of two
different gauge lengths were used to determine if
there was a gauge length effect (there was nonc). The
effective gauge length of the samples was determined
by glueing strain gauges on the center portion of the
sample and comparing the results obtained from a
clip on extensomcter which was mounted into the

TV grooves, It the extensameter s moonted diecth
10 the unitorm gauge section, there s o ngh prob-
abiliy that the sample will fracture where the “hufe”
cdge of the extensometer makes contact with the
sample. Several tests in the low stress range were
conducted using both the extensometer and the stram
gauge: from these tests the effective gauge length was
deternuned. Subsequent tests were conducted using
only the extensometer. The sumples, which were
tested in the range from 8 > 10 " "o 2> 10 's
showed no strain rate effect.

The conventional X-ray technique [21] was used
first, but it was determined that there were problems
when this techmique was applicd to discontinuous
composites. The residual stress was determined by
mcasuring the change in lattice parameters. There is
an imphcit assumption made 1n using this procedure.
i.c. the matrix remains cubic.

3. EXPERIMENTAL RESULTS

The stress—strain curves of the 1, =0, 0.05 and 0.2
composites are plotted in Fig. 2(a), (b), and (c).
respectively. The solid and dashed curves denote the
tensile and compressive test results, respectively. The
yicld stress was mcasured as 0.2% off set strain and
is indicated in the figures by arrows.

The shapes of the stress-strain curves of the

V,=0.2 composites are very similar to those of

whisker composites, except that the tension stress-
strain curve is below that of the compression stress—
strain curve. However, as in the case of V; =0, there
was no difference in the stress-strain curves for
tension and compression of I, = 0.

The data obtained from the X-ray analysis is given
in Table |, and it was observed that there 1s a residual
tensile stress in the matrix.

4. THEORETICAL PROCEDURE

The theoretical model used here is based on
Eshelby's cquivalent inclusion model. Mori and his
co-workers [15-17] exten led Eshelby's method to
predict the yield stress (6,) and work-hardening rate
of aligned short whisker composites. Wakashima ef
al. [18] extended the above approach to predict g, by
considering the mismatch of the thermal expansion
cocfficicnts of the matrix and fiber. Following the
above modcls, Takao and Taya [14] have recently
computed the stress ficld in and around a short fiber
in a short fiber composite where the fiber is amso-
tropic both in stiffness and thermal expansion.

In this paper we focus on the average thermal
residual stress induced in the matrix by the cool-down
process and also the yield stresses in tension () and
compression {g%) when the composite ts tested at
the room temperature. The former casc 1s essentially
based on the model by Takao and Taya [14], and as
the Tatier case, we cxtend the model by Wakashima
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et al [18] to account for the bi-linear stress-strain
curve of the matrix.

4.1 Formulation

Consider an nfinite body (D) which contains
clhipsoidal whiskers (£2) aligned along the xj-axis
(Fig 3) This composite body D is subjected to the
apphed stress field, which is a) when the body is
uniform in elastic constants. The stiffness tensors of
the matrix (D — Q) and fiber (Q) are denoted by C,
ani Cl,,. respectively. Following Eshelby, the trans-
formation strain [11] or eigenstrain [22] is given in the
fiber domain Q as a, where af is the strain duc to
the mismatch of the thermal expansion coefficients

RESIDUATD STRESS IN METAL MATRIN COMPOSNITY
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Table 1 Thermal residual sttess atensile) Xorgy measuremenis

Lonygrtuding! Transyerse

Matenal (MPY) (MPa

Ovol %o whisker i 0o [ANS]
600! matin

Shvol % whisker SiC 40N as
G061 matnix

2000l %0 whisker Sit 23 <8
G061 matny

Wrought 00 0o

1100 Al

and the uniform plastic strain ¢§ 1s prescribed 1 the
matrix {15]. As (ar as the stress field is concerned. the
model of Fig. 415 equivalent to that of Fig. 3. Thus,
the present problem is reduced to “inhomogencous
inclusions problem™ (Fig. 4) [22]. The model of
Fig. 4 will be used not only to predict the vield
stresses and work-hardening rates, but also to com-
pute the thermal residual stresses. For the latter case.,
we willl set g =¢7 =0.

Following the Eshelby's equivalent inclusion
method modified for a finite volume f{action of fibers
22, 23], the total stress field in the fibers o + g, 15
given by

al+o,=Clled+é +e,
— (b —ef)}
= uu{"?/ + &+ ey
~(af—el)—el} (N

where the repeated indices are to be summed over 1,
2 and 3.

69=Cyel, inD 2)
<0.,>~. = CA/LIEKI inD-Q (3

D-02(C, s .¢2)

Y

o]
4
'

Fig 3 Theoretical model. actual casc
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c where S ;018 the Eshedw's tensor and o tuncuon
of C,,vand the peometty of the ellipsoidal tiber. The
fiber 1s assumed to be g prolate spheroid, henee
the fiber aspect rato [id is a single peometrical
paramcter. For siaphoeity. we assume that the matrs
and fiber are isotropic both in stffness and thermal
expansion cocflicient. Thus, €
given by

Chooand 2 aie

i

Cur = /‘.(5,/6“ + ju(Oy (S/, 4 5;/5‘/) (10)
Cu= /1((5,1(5” + 1 (S, (\-/, + (SII(SL’,) (rn
2y = —(m—z)f»v.ﬁ?‘ (o

In the above cquations. 8, is the Kronecker's delta.
/(A" and g (") are Lame’s constants of the matri
(fiber), o () 1s the thermal expansion coetticient of
the matrix (fiber) and AT is the change in temperature
(AT > 0 corresponds to the temperature drop).

The stress field in the fiber is obtained from
equations (6), (8), (9) and (10)

a, = = V) {(Siamelt — ¢4,

+2u(S, ety ~ c;‘)}, (13)

[
0 After solving for ¢}* in cquaton (}) by usc of
7 cquations (8) and (9), we can computc the stress
Fig 4 The equivalent inclusion model converted from  disturbance o, in the fiber from equation (13).
Fig 3.

4.2. Yield stresses a,. o5 and work -hardening rate
In equation (1), ef 1s the fictitious cigenstrain (23]
which was introduced to connect the present problem o< and the work-hardening rate of the composite 15

to “inclusion problem™ and ¢, is the average ST gegeribed briefly. The total potential energy of Fig. 3,
disturbance 1n the matrix and related to the average [ is given by

stress disturbance an the matrix (o, >, by equation

The method of computing the yield stresses o and

< defi . 1
(3) <5,>, is defined by U= EL (00, + o )l + 8, +u,,
I
(0,7m= f o, dv ) )
Yo alo-a —el,—at)dV - agn/(u?+1l,+u,)d5 (1)
w01

where 17, o 1s the total volume of the matnix and o,

and e, in equation (1) and (4) is the stress and strain - where ©?, 4, and y, are the displacement components
disturbance, respectively, by a single fiber Q when 1t corresponding to e, ¢, and ¢,, respectively: the index
is embedded in an nfinite matrix. Since the stress  j preceded by a comma denotes a partial differen-

disturbance when it is integrated in the entire domain  tiation with respect to x,; D€ is the boundary of D;

D vanishes and #, is the jth component of an unit vector outer
normal to $DY. Then, the change in U duc to the
a,de =0 (s i in the plasti ain Se® is g by
o change n the piastic strain oe, is given by
The stress disturbance o, 15 obtained from cquation _ 0 o A1 .
(1) and (2) U = — a(o,/+a,,)6e,,dl. (15)
K a,=Culéy+e,—el®) (6) 1In the above derivation, the Gauss' divergence
F - where theorem and the following cquation were used
}' et =ab+el—el,. (N J 6,(8i,,+ bu, )d¥ =0.
A From equations (3), (5) and (6)., we obtain ?
L . y .e Noting that the plastic strain exists only in the matrix
- ¢,==Vde,—eJ*) (8) (D ~Q), equation (15) is rcduced to
According to Eshelby, e, 1s rclated to the total
o cigen-strain e2* as U = —éef{(l = V))a} ~ Via,}. (16)
" ‘x'
ko e, =S el (9)  Under the uniaxial stress along the x,-axis (o4), 00
[
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where the siv components of 60 and ¢ are expressed
i the order of )y = 11,220 33,23 31 and 12, and
e, vs the plastie stran adong the v -axis. On the other
hand, the encrgy dissipation due to the plastic work

in the matry, 3O, 15 given by
ISQ ={l — l’()(f‘(st‘? (18)

where o, 1s the flow stress of the matnix for the
bilincar model

o, =0+ Ere, (19)

where o) and £, are the initial yield stress and
tangent, modulus of the matnx, respectively. Since
S0+ 8Q =0, we obtain

-
m(au—a“). (20)
In the above derivation, ¢, =¢... ¢f, =¢f, = ——'gc'p
were used. Combining the solutions of ¢, in equation
(13) and equation (20). we can obtain the yield stress
of the compesite in tension (o) =¢,) and that in
compression (g = a,) as 4

1]
g, =0+

a\jal = Cy+ CixAT
0si6)=C,— C,aAT. (20

Similarly, the work-hardening rate of the composite,
L is obtained as

. E

EEr=C+ G (f) (22)
In the above equations, C;. C,. C,, and C, arc
functiors of the clastic stiffness of the matrix and
fiber and the fiber aspect ratio //d. E is the Young's
modulus of the matrix.

4.3. Thermal residual stress

When the composite is cooled by AT, the thermal
residual stress is induced in the composite. The
theoretical model for this problem is the same as that
shown in Fig. 4 cxcept that ¢ = ¢§ = 0 in the present
casc. Hence, the formulation up to cquation (13) is
valid and will be used to compute the thermal
residual stress Once the stress within the fiber g™ is
computed, the stresses just outside the fiber ¢4 can
be obtained by the following relation [13]

touwrly _ (i)
0" =000+ Cppne
A0S~ (4 ) n
» J,(‘” et nn (r 42 )i = (2 + ), et
o " - . ma
? (s + 2u)

RESTOUANT STRESS IN METATL MATRIN COMPOS T

where a7 s viven by equation (13 0% 44 solved In
cquation (1), 2 and goare presvioushy detined and n n‘\’
the cehv component ot the unit vector perpendiculin o
the surlace ot the fiber, If one wants (o compute the
stresses gust outside the equator of the ethpsoidal tiber
where s = (1.0,0), we can obtam the stresses in pol.ag
coordinates, 4,. g, and o there as

touty i

a™ —a)
I v )
a =alt s . O I A | (24)
[L: Lo
tout) 1) [ v
G e g .

a4 »-~>7(','“"--—, (""~

: }l—\‘ ! 1~ n
where v is the Poisson’s ratuo of the matrix.

Next the average stress field in the matrix, (7,),..
can be also obtained from cquations (3). (8) and (9)
as

0,00 = = ViCorlStmmCmn —e8*). (25)

The average stress in the matrix, (¢, )., (7,0 and
(6., will be computed by setting § = 11, 22, and
33 in equation (25). It should be noted here that
(6, %m = {ay>, due 1o the assumptions of an aligned
short fiber composite which results in the transverse
isotropy of the volume average quantity.

5. THEORETICAL RESULTS

We will apply the present theoretical model to two
types of MMCs, short fiber MMC (SiC whisker/6061
Al) and continuous fiber MMC (A, O,-;/5056 Al).

5.1, Short fiber MMC

The thermo-mechanical data of the matrix and
whisker for the theoretical calculations are obtained
from the stress—strain curve of the matrix [Fig. 2(a))
and the material propertics handbook.

Anncaled 6061 Al matrix (bilincar model):

E =47.5GPa

E;=23GPa

60 =47.5MPa (26)
v =033

2 =23.6x10"%/K
SiC whisker:

E =427 GPa

=017 Q27
% =43 x 10-/K
l/d =18

where the average value of the fiber aspect ratio (//d)
was uscd {24] and the bilincar stress strain curve of
the matrix is indicated by a dash-dot linc in Fig. 2(a).
The temperature drop AT is defined as

AT =T,-T, (28)
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Fig 5. The difference in vield stress between compression
and tensm as a function of vol. %o sthicon carbide whisker.

where T s taken as the temperature below which
dislocation gencration 1s minimal during the cooling
process [9] and T, 1s the room temperature. Thus, for
the present composite system AT is set equal to
200 K.

The theorcucally predicted ¢} and o, can be ob-
tained from cquation (21). The differences between o
and ¢, (a, — ¢, ) for various F¢arc shown as the solid
linc in Fig. 5. The differences between ¢ and o)
increase with incereasing ;. The experimentally deter-
mined differences between o4 and o) are represented
by the open circles in Fig. 5. The experimental values
of the yicld stresses are taken as the stresses 0.2%
off-set strain. [t follows (Fig. 5) that good agreement
15 obtained between the experimental and theorctical
results of the difference 1in the compressive tensile
yield stresses. However, the expenimental values of o
arc greater than the theoretical values of o5, and
similarly the expenimental values of o) are greater
than the theoretical values of ).

From the data given by equation (26)«27) and
the use of cquation (25), we have computed the
stresses, its average valuc in the matrix and plotted
schematically the o, (solid curve) and (o )., (dashed
curve) along the x, and x, axes in Fig. 6.

Next, the thermal residual stresses, averaged in the
matnx of the SiC whisker/6061 Al. are predicted by
cquation (25) and the results on a1 ), and (o, D, arc
plotted in Fig. 7 as a function of the volume fraction
of fiber (V). where the subscripts, T and L denote the
componcnt along the transverse direction (r and 0)
and longitudinal dircction (z). The average theor-
ctical thermal-residual stress is predicted to be tensile
in nature, and that the average residual stress in the
longitudinal direction is larger than the average
residual stress in the transverse direction. The experi-

64

x, Lor xy-oms)

Fig. 6. A schematic of the stress distribution in the matrix

and in the reinforcement due to the difference in thermal

coeflicient of expansion between the silicon—carbide and
aluminum.

mentally determined residual stresses (Table 1) are
tensile in nature and the longitudinal stress is larger
than the transverse. but the experimentally deter-
mined stresses are larger than those theoretically

predicted.
70 T
60 -
50L Longitudinal -
g
ol ]
=
AE 3OF 1
N Tronsverse
201 =
10~ 1
1 |

[o] [oX 02
Volume Fraction of Fibers, V,

Fig. 7. Predicted residual stress in the matrix for the
transverse and longitudinal directions
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For the case of sphencal SiC composites the pro- oy T
cedure tor obtaming the dulerence v gt and s Ala Oy y 75056 Al
identical o the whisker case. with one exception, 1.¢ Vi=05
[d =1 mthe sphercal case. The theorctically pre- T Experimental
dicted difference between ot and a! for 1, =02 1 1500 | T 777 Anclyticol Results
rero. but experimentally 1t was observed that o was
shehtly greater than a7 by ~ 13 MPu. compression
3.2 Continuows fiber MMC &_: tension
The present model is also applied to continuous  ~ 1000 p
fiber (ALO,-7) reinforced S056 Al composite with  °
1r=0.5 (AL,O,-7/5056 Al in short abbreviation) o @
predict the yvield stress in tension and compression, ;—"
and also the work-hardening rate.
The matenal properties of the matrix metal and 500 k 4
fiber are:
Anncaled 5056 Al matnix (bilinear model):
E=72.4GPa
E;=625GPa . .
o] 0.005 0.010
% _ 152 ; 2
g, = 152 MPa (29) Stroin ¢
v =033 Fig. 8. Tension and compression stress-strain curves of
continuous Al,O,-; fiber/5056 Al composite with ¥, =0.5
2 =236 x 107°/K (25]. The experimental and theoretical results are denoted by
' solid and dashed curves, respectively. The solid and open
Al,O,-y Fiber [25]: circles denote the vield stress of the cxperimental and
theoretical resuits, respectively.
£ =210GPa pectived
and Vogelsang er al. [9] that there is a much higher
% =88 x 107°/K. dislocation density in the anncaled composile matrix

In this computation AT = 200 K was used.

Figure 8 shows a comparison between the experi-
mental results [25] (solid curve and solid circle) and
the theoretical ones (dashed curve and open circle)
where both solid and open circles denote the yield
stresses. It follows from Fig. 8 that the yield stress
and the work-hardening rate of the compressive
stress-strain curve are well predicted by the present
model, while for the tensile yicld stress, the present
mode! underestimates the experimental results.

6. DISCUSSION

The theoretical predictions and  experimental
results are in very good agreement in most cases.

The theoretical model is bascd on an extension of
previous work by Eshelby [11], Mura and Taya [13].
Tanaka and Mori [15). and Wakashima er al. [18]
and it can predict the yield stress in tension and
compression and the thermal residual stress. The
predicted values of the yield stress of the whisker
composite in tension and compression arc less than
the experimentally determined values of the yield
stress tn tension and compression. This difference
between the theoretical and experimental stresses is
duc to the fact that the V=0 curves of stress vs
strain were used for the matrix in the composite cascs.
It has been demonstrated by Arsenault and Fisher [8])

than in the V= 0 material. Therelore, the matrix is
stronger than the annealed V= 0 matrix alloy. How-
ever, this increase in matrix strength duc to a higher
dislocation density does not influence the difference
in yicld stress in the compression vs lension. The
theoretical prediction is that the yicld stress of the
whisker composite in compression should be higher
than the yield stress in tension, and this is exactly
what is observed experimentalily, duc to an average
residual tension stress in the sample. This residual
stress reduces the yield stress in tension and increascs
the yicld stress in compression.

The theoretical prediction that the compressive
yicld stress is higher than the tensile yield stress
suggests that a tensile residual stress exists in the
matrix of composite. An average tensife residual
stress is predicted in the matrix as shown in Figs 6
and 7.

Though the present model is based on the assump-
tion that all fibers are aligned along a specified
direction (the xj-axis in Fig. 3}, SiC whiskers in Sic
whisker/6061 Al composites are misoriented. The
misoricntation of these whiskers is observed to be
cnhanced as V; decreases. Thus the values of o} and
gy predicted by the present model tends to over-
estimate the actual values. The fiber aspect ratio (//d)
of SiC whiskers has been observed to be variable {24].
i.c. 0.5 < //d < 25 with most of //d being around 1. In
the present modcel we have used the average value of
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[d 1R o predict the vield stress and wort -hardeniny

rate of the compostte Takao and Tava Do) have
[ Ly

recently exanuned the etlect of varble nber aspect

rato  on  the sutfness and  thermal ovpansion
coethicients of o short tiber composite and concluded
that the results predicted by ustng the averaee value

of [ d
actual varable aspect ratio unless the distartbuton of

are not much different from those of using

ds entraordinanty scattered Thus, the use of the

average value of £ in the present model can be
justitied.

The present model s strongly dependent on AT
(=T, 1) and
(2
ment of dislocation generation bemyg numimal {9 as

— T,) as 1t appears an equations (12)0(2
A choice of T, was made by noting the move-
discussed before. If temperature 77 can be considered
to correspond to the temperature 7, above which the
relaxanen of internal stress s highly promoted and
below which the deformauon ol the matnx metal is
basically controlled by elasuic and time-indepenaent
plastic behavior, then the present model which s
based on an clastic/ume-independent plasticity be-
cames vahd. I 7, 15 not approximutcely cqual to 7,
a more refined model to account for clasuc/time-
independent plasticicreep behavior of the matrix
metal during a temperature excursion from 7T to Ty
must be employed. Such a model for one-dimensional
stress analysis has been proposed by Garmong [27].

In this present model. the refaxed nusmatch strain
s assumed to stay as surface dislocations. In reality,
such surface dislocations are cxpected to relax by
punching. Taya and Mori [28] have recently studied
this punching phenomenon to conclude that the
smaller the fiber aspect ratio is, the larger the punch-
ing distance. Therefore, the present model predicts
the lower bound on ¢}. In fact, the predicted o} is
smaller than the experimental value of o,

Instead, if the mismatch strain is completely re-
laxed, 'ncn o, will increase, but “g}* will decrease,
thus & ¢ dlﬂucncc will approach to zero. though the
absolute value of the yield stress of the composite
increascs compared with the matrix yicld stress (a,).
In other words. the mismatch strain is partially
refaxed by dislocation generation. The residual
stresses undcer consideration are the remanant elastic
stresses. It was assumed that below 495 K the residual
stress was below the gencration stress of dislocations
(1.c. below the yicld stress of the matrix). Thercfore,
the residual stress was only determined from 495
to 295 K, and not for the entire temperature range
of cooling of the sample, ¢.g. from the anncaling
temperature of 810 K

7. CONCLUSIONS

[t is possible to arrive at the following conclusions
from the theoretical model of the thermal residual
stresses and the experimental results.

1. The theorctical model predicts a higher com-
pression yicld stress than tensile yield stress for the

e e D T e N
<

STRESS IN NP TAL

MATERIN cosNPastT

whisker compaostte, which s aprecment with thie

expermmental results. The lurher compressinve vield

stress s due toa tenstle restdual stress, This residual
stress s due to the difference i cocthicient ot thermual
expansion between fiber and matrin,

N

2. In the short tiber case, the theorctical model

predicts that there should be an averape residual
stress which ts i tension and expernmental X-ray data
confirms this prediction

3. The absolute magmtude of the predicted vield
stress (tensile and compressive) ts less than the expen-
mental vield stress due to the fuct that in this model
distocation punching is not constdered. In the actual
cases there is dislocation punching which leads to
matrix strengthening.

4. The residual stress, in the region between SiC
whiskers, is tenstle and this is the hkely region where
plastic deformation would begin. For in this region
the matrix contains & lower dislocation density than
adjacent to the SiC whisker, i.¢. in this region the
matrix is weaker.

S. The theoretical model predicts that the com-
pressive yield stress should equal the tensile vield
stress  for composites  containing  spherical SiC.
Experimentally it is observed that the teastle vield
stress is slightly larger than the compressive yield
stress.

6. Th- present model can predict the vield stress
and work-hardening rate of continuous AlLO;-y
fiber/5056 Al composite reasonably well except for

Gl
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Q_: FOCAL POINT THE BAUSCHINGER EFFECT N
y Unusual Aspects of the Bauschinger Effect in Metals :
N and Metal-Matrix Composites
o R. J. Arsenault . .
v
(.
N
SYNOPSIS. The Bauschinger effect (BE) has intrigued research investi- Ve
gators for a long time, and numerous theories have been proposed to
account for the BE, but none of these theories takes into account the R
effect of removal of a thin surface layer at the end of the first half cycle,
3 and the presence of an average unidirectional residual stress. A series
k] of investigations was undertaken to determine the effect of these two K
conditions on the magnitude of BE and two models were developed: one
to explain the surface removal etfect, ie., surface removal reduced the
BE. and the second to explain the directionality of BE in the presence
- of a tensile residual stress. The BE is much larger in tension following intial
» testing in compression as compared to initially testing in tension followed
L by testing in compression.
¥
::,," ‘
s .
O 1 INTRODUCTION :
) ) ] AFTER UNLOADING p
A logical conclusion that could be arrived at after con- ----RELOADING .
>, sidering the fact that the Bauschinger effect [1] was —-—REVERSE LOADING :
o reported about a century ago is that there is nothing BAUSCHINGER STRAIN = € o, -0, y
unusual remaining concerning the Bauschinger effect BAUSCHINGER STRESS FACTOR » —7- .
e (BE). Allis known about the BE, there shouid be noth- -
- . . ‘/’ .
La ing left to discover. ' b e
However, not only is there a lack of agreement as g .
to what constitutes the BE, but also there has been :
t:. no single parameter that satisfactorily quantities the - .
N BE. Most investigators have chosen to define the BE Y .
in terms of a reduction in the initial flow stress or yield -
I, stress for reverse deformation (2, 3], while others o .
ﬁ preferred a more general definition, such as ‘a certain :
dependence of the flow stress and rate of work €7
hardening on the strain history’ or they simply referred Fig. 1a Aplotof stress vs_strain showing the Bauschinger
{e to the existence of different stress—strain curves by effect and the different paramelers which are used mn )
W . . . defining the Bauschinger effect. .
. loading in the reverse direction [4, 5]. Orowan (6] i
considered only the transient softening of materials
on stress reversal as the BE, whereas others {7, 8] AFTER UNLOAOING
q included permanent softening as part of the effect. - - -RELOADING
- In attempting quantification, the reverse loading — -~ REVERSE LOADING .
. 9 on. BAUSCHINGER STRESS FACTOR » Aoy i
curve is usually replotted with absolute shear stress N
?.;, and cumulative shear strain values starting from the i3
i intersection of the unloading curve and the shear- foom” '
' strain axis. One obvious approach is to consider the b e
Bauschinger strain, which is the difference between ) .
[ . . [}
O the shear strain of the reverse loading curve and the ! /' Doy
v shear strain of the loading curve at the final forward
stress, before unloading on such a plot. Figures ‘,’
;_- 1(a) and (b) are typical stress—strain curves for a
5.; Bauschinger test. There are two different Bauschinger 0 <
stress factors defined. The Bauschinger strain will e
""_ Engineering Matenals Group. University of Marylang. College Park, Fig 1b. A slress vs. strain diagram lor the case where
E', MD 20742 Manuscnpt received 2 June 1986 permanen! softening is observed
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ncredse almost hinearly with presteamn, it can be ex-
pressedin g normalized form such as the Bauschinger
stran factor, which s defined as the ratio of the
Gaasctunger stramn to the prestrain. Another approach
15 to detine the Bauschinger stress in terms of the
ditterence between the final forward stress and the
avsolute value of the elastic mit under reverse
loading This Bauschinger stress wilt depend on the
amoumnt ot work hardening before unloading. Thus a
Bauschinger stress factor can be defined as the ratio
of the Bauschinger stress to the stress increment
dunng the prestrain. The second Bauschinger stress
factor 1s the permanent softening.

The BE has been found in pure metals (3], ionic
crystals [10] and single-phase {11, 12} or multiple-
phase {13} alloys. The magnitudes of the BE in single-
crystal and polycrystalline materials are comparable
[5] Single-crystal copper seems to have been studied
most thoroughly [8, 14-21], and the experiments have
involved primanly tension—compression (14, 15,
17-19], with only a few in simple shear [16-21], torsion
[9] or bending {10]. The changes in dislocation con-
figurations due to reverse loading have been studied
using etch pit techniques (18, 19] or transmission
electron microscopy [17, 20]. There also have been
numerous investigations of the fundamental relation-
ship of BE with temperature [9, 12}, grain size (9, 12].
prestrain [22-24]. and the stress rate [25, 26]. The
reduction in BE due to dynamic strain aging [27] or
due 1o cyclic torsions [28] has also been studied.
However, no attempts have been made to determine
the surtface effects on BE. which is quite surprising
in view of the importance of the role of surface in
fatigue failure.

By direct shearing of several fcc single crystals,
Phillips [16] found new slip band formation on slip
reversal (rather than de-slipping of the same slip
bands) where there is non-primary slip. An explana-
tion for this phenomenon was based on the assump-
tion that it is easier to start new sources than to
overcome barriers such as Cottrell-Lomer locks. Mori
and Fujita [20] found that, during compression of
Cu-Al fine slip lines formed at the same positions as
previous tensile slip-line clusters. When the reverse
stress ratio reaches unity, almost all the compressive
strains are produced by the new coarse slip bands
in the virgin region, while the individual slip lines inside
the tensile slip clusters are exhausted.

Itis commonly believed that, under a reversed plastic
strain, the dislocation loops already formed will shrink
back on their sources, or the sources will produce
loops of opposite sign and therefore annihilate the
loops already present. Orowan [6] stated that ‘the
back stress of the pile-up would cause its generating
Frank-Read source, as well as the sources in the inter-
secting planes, to produce dislocations of opposite
sign, to dissolve the Cottrell-Lomer locks and to
annihilate their separated mobile components'. Since

;‘T‘-‘;’F-:'-:" -: "-;"

Miterigd. Forae:

tatal reversal can take place, Charsley and Desvaus
[ 11} beheved that the same sources act in compressinn
on the same plianes that were active in tension
Because only 20% of the dislocations generated in
tensionremam in the crystal, total reversal cannot take
place without new sources acting It compression

The number of models or theories that have been
developed to exptan the BE s almost equal to the:
number of investigators of the BE However, all these
models can be related to two dislocation mechanisms
The fust mechamism 1s implied in Seeger's work-
hardening theory [29]. The long-range internal stress,
often called the back stress, which is created by the
dislocation pite-up at barrniers aids the dislocation
mevement and causes the drop in initial flow stress
during reverse loading The other mechanism is related
to Orowan's idea of a directional resistance to dis-
location motion due to prestraining [6]. The forward
motion of dislocations becomes more difficult because
there are an increasing number of stronger barriers
ahead of the dislocations as the maternial work hardens
The barners behind the dislocations are believed to
be weaker and more sparsely spaced than those
immediately in front. Thus the stress needed to push
the dislocations backward is lower.

In the theories and the experimental results de-
scribed above there is no mention of several factors
* The effect of removal of given amount from the

surface of the sample after it has completed one

half of a cycle.
* The direction of initial test, e.g. tension followed by
compression or compression fcllowed by tension
* The effect of residual stress on the magnitude of
the BE.
A consideration of these factors can lead to some
unusual aspects of the BE.

An investigation both experimental and theoretical
by Hsu and Arsenault [30] resulted in the prediction
and observation that BE would be reduced if ~ 250
um were reduced from the surface of the sample after
the first half cycle.

A model by Arsenauit and Taya [31] can be extended
to consideration of the BE. This modei predicts that
there would be a difference in the magnitude of the
BE depending upon the direction of initial loading. For
example, if the sample was tested initially in tension
followed by compression a smaller BE would result
than if the sample was initially tested in compression
followed by tension. In the other theories and models
that have been put forward to predict the magnitude
of the BE, the direction of initial loading is irrelevant.
Experimentally it was shown that the direction of
loading had a significant effect on the magnitude of
the BE and the magnitude of the BE measured ex-
perimentally was in agreement with that predicted by
the Arsenault and Taya theory

In the foliowing section the experimental and
theoretical aspects of the effect of surface removal

s
LN

n‘ "..
AT

69




will e giscussed, and in the subsequent section the
cttect of residuadl stresses will be discussed Finally
the conclusion secton will discuss the consequences
ot theones proposed and the agreement with expen-

mental results

2 SURFACE REMOVAL
2.1 Experimental procedure

810

Sngle crystal copper rods were grown by the Bndge- Tt
man technmque and ground into samples as shown in

fig 2 The samples were tested alternately in tension
and compression. Because the alignment of the 4
central axis of the specimen with the line of loading
1$ very cntical. a special apparatus was constructec
1o maintain good alignment in both tension and com-
presson (Fig 3). The surface layer was chemucally
removed from the sample in situ. Only the gauge Frg 3. The expenmental arrangement (or achieving good
lenqgth section was etched away with nitric acid jets ahgnment and i situ surface removal

while the two ends and holders were protected with

varnish coatings Further details of the experimental Bauschinger strain factors are given. A batch number

testing procedure have been given elsewhere [32) is assigned to all the specimens with the same
- orientation The numerals in parentheses show the

Anaccurate stress—strain curve was obtained by the ) ’

use of a specially mounted extensometer numbers of specimens with tr?e same orientation in
the column labelled "No Etch” the average values of

2.2 Experimental results the Bauschinger stress factors for uninterrupted stress

reversal testing of all specimens in the same batch

are listed. In the column labelled “Etch' the average

CONTE L H

e o
P

The expenmental results are summarized in Table 1,
1 which both the Bauschinger stress factors and the

. values for samples with surface removal are given The
E percentage reduction in these factors as a ratio of the
~R:2% uninterrupted results 1s given in the following column
/ The last row gives the total average of all the values
E: in each column
o 12 & 12 5 e Thus the experimental results indicate a rather large
635 reduction In the BE by surface removal For the
~ Bauschinger stress factor the reduction ranges from
i 8 57% 10 46.7%. with an average value of 26 8%
- - N For the Bauschinger strain factor, the reduction varies
\ from 214% to 85.2%. with an average value of
~ 89 55.4% The details of the analysis of expenmental data
‘:' 57 can be found elsewhere [32)
Fiy 2 The copper single crystal specimens The dimensions Figure 4 is a plot of absolute shear stress versus
P of these specumens are given in millmetres total shear strain ot two samples (samples 16-1 and
‘ TABLE 1
¢ Mean values of the Bauschinger factors for single-crystal copper (purity, 99 99%)
[
. Batch Average Bauschinger Reduction (%) Average Bauschinger Reduction (%}
i (number of stress factor in Bauschinger strain factor in Bauschinger
‘& samples - stress factor e strain factor
I Etch No Etch Etch Mo Elch
1 _
’ 10 (2) 08 15 46 7 0025 0135 85 2
13 (5 Q 794 116 316 00726 0131 44 3
- 14 (3) 104 17 392 0179 0 429 58 3
f: 15 {2} 0 960 105 8 57 0138 0 436 68 3
b 16 (2) 120 140 143 0 324 0412 21 4
17 (4) 143 169 154 0 164 0420 610
k. Total 1 04 142 26 8 0 146 0 327 55 4
»
r.

Average
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Fig 4 The absolute shear stress vs accumulated shear

strain curve for samples 16-1 and 16-2, —— - .

extension of initial loacding. — — — alter surface
removal, no surface removal

16-2) which were chosen from the same single-crystal
rod. Because the initial tensile portion of the stress-
strain curve for sampie 16-1 was nearly identical with
that for sample 16-2, ie . the yield stress and the work-
hardening ratio of sample 16-1 were the same as those
for sample 16-2, there was only one curve of stress
versus strain for the initial loading in tension. Both
samples were mitially strained the same amount and
then unloaded. Sample 16-2 was then loaded in
compression, while tor sample 16-1 the test was
interrupted, the surface layer was removed and
the test was continued in compression. Again
both samples were strained an equal amount. The
Bauschinger stress factor and strain factor for sample
16-1 (surface removal) were 1.20 and 0.334 re-
spectively The uninterrupted tension-compression
test for sample 16-2 gave corresponding values of
1.40 and 0.412 respectively. Therefore, the reductions
in the BE due to surface removal were only 14.3%
and 214% respectively However, when another
tension loading was undertaken, the magnitude of the
reduction in the BE was much larger. It s also
interesting to note that the reverse loading curve for
sample 16-1 (surface removal) approaches the ex-
tension of the initial loading curve beyond the
uniocading point. Thus the paramount BE is for all
practical purposes completely eliminated by surface
removal.

2.3 Model description

From a consideration of the results of the single-crystal
copper experiments given in Section 2.2, it was found
that the BE can be reduced by half if a surface layer
of 250 um is removed. A proposed dislocation model
first has to be able to explain the following phenomena:
(1) work hardening during loading: (2) the maintenance
of plastic strain during unloading; (3) the continuation

PMAatceaty Forum

ot the same strews stram curve on reloading as an
uninterrupted test

Since the BE represents an easing of plastic de-
formation dunng reverse loading, 4 reduced BE means
either increased resistance to a forward motion or
reduced assistance for existing arrays of mobile
dislocations to a backwiard motion The latter is more
likely to occur under a surface layer removal condition
A computer simuiatton model which was based on a
previous computer simulation investigation {33] will be
described to account for the changes in the BE due
to surface removal

This ‘dislocation model” relies on two  major
assumptions (1) that the disiocation motion is con-
trolied by thermally activated jumping over short-range
barriers; (i) that the surface sources can be activated
at a lower stress than the interior sources

The surface source 15 basically a half-dislocation mull
with one end anchored as depicted in Fig 5. Under
an apphied shear stress 73, the pinned disiocation
segment started to expand as a spiral until the leading
edge swings to the free surface and a half-cucle was
gradually formed. A new dislocation segment with one
end pinned would be left behind to continue its spiral
motion and to keep grinding out more new dislocations
under 1a. The series of half-dislocation loops would
continue to expand. Whenever a dislocation meets a
short-range barner, a very local perturbation in the loop
shape may occur. As the dislocation keeps advancing,
its segment will very soon sweep across the short-
range barnier

For simplicity the dislocation array shown in the side
view of Fig. 5 will be considered first. The traiing
dislocation segments are repelled by all the other
generated dislocations. Once the applied stress
becomes larger than the repulsive stress caused by
the leading dislocations, new dislocations will continue
to be generated. The leading dislocation 1S being
pushed by all the traling dislocations and thus can go

IMAGE
R
DISLOCATIONS ‘o S?SRL Es:'.ON
SURFACE - ‘% - (TYPICAL)
/ /' // // //,.—-

\ \ \ \\\\ N
\ \ ~~
\ N N \\\\\_
o}
R R 1412 1 .4
. ' L
b

Fig. 5. Schematic diagram of the operation of a dislocation
surface source
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the fastest. The trailing dislocation s being repelled
by all the leading dislocations and thus will be the
slowest moving dislocation This will eventually lead
to an inverse pile-up configuration as shown in Fig
5. For the surface source case a high dislocation
density due to inverse pile-up will develop at the
surface Each dislocation moves forward by thermally
activated jumping over a short-range barrier.

For the itn dislocation the activation free energy AG,
as a function of effective stress r is determined by

aG, = aGo 1 — (&) "™ (1)
70

where the activation energy AGg at zero stress and
the effective stress 7o are determined experimentally:
ny and n2 are determined by fitting the experimentally
determined AG versus 7° curves. The effective stress
for the ™ dislocation at x, is calculated using a
modified version of Head's formula {34] for coplanar
parallel edge dislocations under the applied stress ra
The line tension term 7 is included in crder to
account for the curvature of the loops {because the
dislocations near the free surtace are not straight) and
15 estimated to be equal to Gb/2x,:

1
n=rat A - — 4+
2x,
N 1 1 2x,(x, — x}
T - + )] (2)
=1 X% - X x + X (x, + x)?

ey

where A = Gb/2x{1 — v). N is the total number of
dislocations, Gis the shear modulus, b is the Burgers
vector. x, 1S the position of the other dislocations in
the array and v 1s Poisson’s ratio A new dislocation
15 generated whenever the effective stress at the
source 15 larger than the source operating stress. As
aresult, aninverse pile-up 1s formed under a constant
applied stress (Fig. 6(a) and (b)) Further details of
the numerncal methods have been discussed else-
where {32]

The velocity of each dislocation was determined by
first determining the mean time required to jump a
given barrner.

Atiq = to exp(AG/KT) (3)

wheare 1515 related 1o the attempt frequency of the
dislocation, which in turn equals the ratio of the Debye
frequency to the average dislocation span between
short-range barriers. Finally the average velocity is
detined as follows

v, =

Q

T alg/ A q (4)
q=1 q=1

where q1s a specific barrier, Q is the total number of

barners met and Alg 1S related to the area moved by

the urit length of dislocation in the given thermally

actvated jump
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Fig. 6. (a) The alternate-plane model under reverse loacing.
(b) the upper plane alone is the single-coplanar mode!, ana
the two shp planes together are the double-coplanar moge!

An approximation was used in order 1o reduce the
computer time involved in the simulations [33]. An
empirical equation has been used to approximate the
relationship between the dislocation velocity v, and
the effective stress n {35]

vi = B(ri)" (5)
where B and m are empirical constants

Equation 5 applies not only to forward-moving
dislocations but also o retreating dislocations when
the appropriate algebraic sign is used. It 1S obvious
that a single slip plane with coplanar dislocation loops
generated during the loading stage cannot represent
reverse loading in a reasonable manner because all
the existing mobile dislocations will soon be ex:
hausted. Some modifications or extra features must
be included in this model.

Basically, as a result of the above experimental
observations, two new features were considered in
the current model. First, during the reverse loading,
new slip planes are activated in addition to the de-
slipping of the original plane. Second, the same source
that generated the original dislocations will create
dislocations of the opposite sign under reverse loac-
ing. These two arrays of dislocations of opposite sign
will move toward each other and become annihilated
when they meet. The consideration of these experi-
mental observations leads to several additional models.
These additional models are described elsewhere
(30].
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2.5 Simulation results

The purpose of the computer modelling s to simutate
the discrete motion of indvidual dislocations under a
specified condition of multiphication and a governing
equation of motion The present approach 1s not
a numencal sotution of an assumed constitutive
oequation At any instant, there was a value of apphed
stress chosen according to whether the test was
under a constant applied stress or a constant strain
rate The plastic strain was determined by the sum-
mation of all the dislocation displacements. The applied
stress divided by the elastic modulus yields the elastic
strain. Therefore. at every instant, there was a one-
to-one correspondence between the applied stress
and the total strain The total shear strain versus the
resolved shear stress curve could thus be con-
structed

The basic shapes of the shear stress versus shear
stran curves are quite similar for the three models
Therefore. only the singie-coplanar case will be
presented as an example. As shown in Fig 7. the
elastic portion of the constant-strain-rate loading curve
ended at a stress of 065 MPa The loading curve
then went through a yield point and gradually work
hardened The loading was stopped when 20 dis
locations had been generated from the surface source
The external load was then gradually decreased so
as to maintain a constant strain rate in the reverse
direction dunng the unloading stage. The reverse
loading portion was basically a continuation of the

COPLANAR MODEL

OBT
o6}
)
[}
: oar
S
& o2
(]
a
—
1 0 1 1 1 1 1
« 2 4 6 B 10 12
a SHEAR STRESS IN y (10" %)
Z -o02

-04

~-06

-08

-1.0

Fig 7 The shear stress vs. shear strain curve lor the single-
coplanar model when 20 disiocations have been generated
in the loading direction

unloading process untib the apphed Stress Gecans
negative, 1e . an applied stress in the reverse dicection
The reverse loading curve went through earker yueldin.;
and work hardened without yield pomit develsiment
The same data plotted as an absolute Shear Stren.
versus the accumulative shear stram cuarve G
demonstrate the magnitude of the BE better (Fig &

To determine the effect of surface removal to,
‘etching’, the usual strain curve was simulated 1o th
pomnt of complete unloading Then the position of the-
surface was redefined such that a given amount w.i
removed (generally 250 um) Because thoe portiorn
removed contained the highest density of dislocation:
the number of dislocations on the given skp plane w.i .
significantly reduced  After removal, the rever .
{loading was continued in exactly the same manner .
# surface removal had not taken place Figure & show:
a reduction in the BE after surface removal It can b
seen that the compression curve after surface remov.s
has an increment of shear stress over the ongind
curve.

All of the models predicted a reduction of the B
strain factor, the minimum beng 35% and the max:
mum 63%

The agreement between the expenmental results
and the model predictions are very good

3 RESIDUAL STRESS
3.1 Experimental results

The composite matenals used and the testng pro
cedures are described elsewhere [36] However,
betore discussing the experimental results obtame:!
from the BE investigation. we shall briefly define
the parameters which were used to measure the
magnitude of the BE. Figures 1(a) and (b) are
schematic representations of a Bauschinger test The
Bauschinger strain ¢g which 1s used as a measure of
the BE when the flow stress in the reverse direction
becomes equal 1o the flow stress at the end of the
forward strain (Fig 1(a)) These curves were obtained
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Fig 8. The absolute shear stress vs accumulaled shear
strain curve for the single-copianar model — — ——  aller
elching,

. without etching

73

e R N

J



%Y
™
- Vol 10, No 11987 74
. I _ _
.
& from a test conducted trst in tension followed by com
pression I there s permanent softening upon reverse
o loading then the ditterence between the projected flow
i stress i the forward direction minus the maximum tlow . -
stress in the reverse direction (this difference .
defined as the Bauschinger stress) s used to define L
- the magnitude of the BE (Fig 1(b)) This is a typical e
result tor tension first followed by compression ft s e amnta
possible that the stress—strain curves may have a W A T T
comphicated shape when a second phase s present A T e,
U 137) - T
- The stress—strain curve upon reverse loading did I maTt
not have any unusual shape change, their shapes are f )
°C the same as shown in Fig. 9(a), (b}, and (¢} Therefore, N ' " ' B i R
! .
o: the model proposed by Asaro (38) based on strong o
s N N ' i F1g Go A plot of the absolute value of the tensile strecs,
precipitates as the cause of the complicated shape vs the total strain for annealed 20 VY% particulate composite
- cannot apply to SIC-Al composites, even though SIC samples tested in tension and compression
o particles are equivalent to very strong precipitates B )
~ Ideally 1t would have been useful to determine the etfect of stran on the BE However, this could only
be accomplished for the lower volume fractions of SIC
At higher volume tractions of SIC the maximum strain
-~ that could be used consistently was a plastic stran
° e of 15% Therelore. this was the strain that was chosen
eI T as the forward strain for all tests that are reported here
s P Some results were obtained as a function of stran,
" . Ed
. L and these were compatible with the previous results,
o T . the BE increased with forward strain
. ek MNE ALE S
The BE (Fig. 10) of the 0, 5. and 20 V% whisker
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WH matenals when initaally tested i teasion 1o
genedal there are two data ponts plotted tor ¢ach
condition of the matenal e, 2 for annealed, 2 for
quenched and 2 1or HT 10 T8 These two data points
cover the range ot data obtamed It there s only one
data pont plotted, thisindicates that the range of data
was very narrow From a consideration of the data
there 1s no obvious trend with respect to heat treat-
ment

It we now consider the case whoere the intial test
was condgucted in compression first, then the magnt-
tude of the Bt 1s significantly increased it the BE stran
5o plotted (Fig 1) then the BE stram increase from
1% 10 2% to infinity (o) for the 5 and 20 VY% SiIC
whisker composite In Fig 12 are piotted the BE stress
value and the BE stran for tests imitaily conducted
i compresson As can be seen, there 1s somewhat
ot agoeneralincrease in the BE as the volume fraction
of SIC increased

A similar senes of expenments were conducied with
parhiculate HiIC-Al composites Figure 1315 a piot of
particulate SCHiIn 6061 Al matrix for the case of Intially
testedain tension As the rasults were obtaned for the
whisker matenal there 1s no obvious increase in the
Bauschinger strain with an increase i volume fraction
ot the particulate Secondly. the Bauschinger strain s
about the same for the 20 V°e matenal as compared
ty the wrought 6061 matenal and. as before. the
Bauschinger strain of the HP matenai s less than that
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Fig 11 Aplot ot the Bauschinger strain vs volume fraction
of whisker composnte of 3 6061 alloy matnx for both tenson-
first and compresson-first testing

of e 2OV mutenal Agam, asan the case of the
whnsker caompasite matenal (w14}, the magnitude
ol the BE ncreased when the test wan mitully con
Cuctedin comprension And again there v an increie:
n e BEoas the volume ingreases
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Fig 12 Aplotof the Bauschinger stress (actor vs volume
fraction of wtusker composite matenal and the Bauschinger
strain vy volume fraction Also piotted are the values
oblaned for high purity aiuminium and wrought 6061 atioy
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3.2 Model
Thie theoretca: model developed was based on
tohaeiby 5 equivalent inclusion model Morn and his co-
workers [30.417 extended Eshelby’s method to predict
the yield stress (o,) and work-hardening rate of
aligned short whisker composites Wakashima et al
1421 extended the above approach to predict oy by
conadering the mismatch of the thermal expansion
coetticients of the matnix and whisker. Foliowing the
above modeis, Takao and Taya {43] have recently
computed the stress field in and around a short fiber
N a short-fiber composite where the whisker s
anisotropic both in stiffness and thermai expans.on
Consider ar infinte body (D) which contains
elipsodal whiskers (1) ahgned along the x3-axis {Fig
15) This composie body D s sutyected to the apphed
stress field o), The stiffness tensors of the matrix
(D) and fiber (1) are denoted by C,w and d..u
respectively Folliowing Eshelby, the transformation
strain {44] or exgenstrain (45] is given in the fiber
domain (1 as a, . the strain due to the mismatch of the
thermal expansion coefficients and the uniform piastic
stran é’.. 15 prescrbed in the matrix [32] As far as the
stress field 15 concerned. the model of Fig 16 s
equivalent to that of Fig 15 Thus, the present problem
15 reduced 10 the inhomogeneous inclusions problem
(Fig 16) [(45] The model of Fig 15 will be used not
only to predwct the yield stress and work-hardening
rates. but also to compute the thermal residual
stresses For the latter case, we will set oy = of) =

A Bed oA Ak Sl Bl e i A g de At RAh st st o4l Mih ol 8 Al alki 20A ofa- o Lakh sl
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fig 15 Theoretical model, actud! case

Fig 16 The equivalen! inclusion model convertec from Fig
15
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O Further detals of the model will bhe published
clicwhere (31

The above model as apphed to the BE predicts tha!
there would be g aifference in the magnitude ©f BE
depending on the direction ot initial testing. The modol
precdicts a larger B of the sample is nitially tested n
compressedn  Also the model predccts that the
magnitude of the BE should increase with increasing
volume traction of reinforcement There 1s an assump-
tonn the apphcation of the Arsenault-Taya model to
the BE | that plastic deformation does not signiticantly
reduce e elastic resdudl stress The expenmental
evidence obtaned in this investigation suggests that
this s a valdd assumption

The predcted difterence in the BE due to the
direction of the testis smply due to tne average elastic
residual tensde stress The fiow stress in tension 15
reduced due to the average tensile residual stress The
cterence in BE Jdue to the direction of the testis not
related to a diterence in distocation contigurations that
My gccur as a result of mitially testing i tension or

CIMDression

4 CONCLUSIONS

surface remaval has an etfect on the Bauschinger
»ttect  The expernmental results on both the
Bauschinger stress factor and the Bauschinger stran
tactor agree with the computer stmulation results very
well The agreement s within 10%. especially for the
s.aghe- and Jouble-coplanar models Although the BE
w5 Nt complaetely removed by the surtace removal,
tie resoits show that the surface layer 1s the dominant
faztor in cetermining the BE in the early stages of
aatyrmation

There are ditferences between the stress—stran
curees obtaned expenmentally and those obtained by
simulation a yeld point exists in the simulated curves
1115 known that lugh-purity single crystals with a nearly
perfect structure will develop a yweld point at the
imtaton ¢f a constant-stram-rate plastic deformation
£4H1 This development s due 1o 3 sudden increase
n the motile dislocation dens:ity The samples used
in the presentinvestigation did not it the requirement
ot the existence of such a yield point However, in the
smygiation the sample has a low inthial dislocation
density and thus showed a yeld point

The expernmentally observed BE was affected by
surtace removal provided that the sample was de-
tyrmed a small amount. 1e less than 2% plastic stran
VYVhen the sample was deformed more than 5%, the
magnitude of the BE increased, but the effect of
surface removal on the BE decreased This decrease
ws due to the number of operating sources in the
ntenor of the sample which contributed to the BE As
the syrface 15 removed, the relative change in the
magnitude of the BE 15 thus smaller In the computer
smudabon modelhng, NG such internal sources wers:

conagirtered

Aloleriats oo

All the simalation models saccessiully demonstited
that the Biz exists and that g consderation of d pernoo.
nternal stress will enlarge the BE The surface remon
of 250 pmireduces the Bauschinger stress tactor by,
8 7%-30% and the Bauschinger siran factor s,
35%-62 8%

Arsenautt and Taya {31] developed an analytbica
theory which predicts that there will be an average
tensile residual stress i a SIC-Al composite sampic
The SiIC has to be in the form of aligned whiskers or
platelet - It the SIC s sphencal then there s zero
average residudl tensile stress Mt s assumed that
the average tensile residual stress s nat significantty
reduced by plastic deformation then the larger
Bauschinger effect for the case of an mitial test in
compression followed by tenswon s explamed simply
as a result of the residual tensile stress
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ABSTRACT

There have been several investigations of
the elastic stresses and strains generated about
an inclusion, which has a coefficient of
thermal expansion different from that of the
matrix, as a result of heating or cooling.

Also, there have been a few investigations

of the magnitude of the plastic strain and

the plastic zone under the above conditions
wherein the plastic deformation induced by
the difference between the thermal expansion
coefficients was treated in a continuum
manner. Since individual dislocation motion
was not considered, the dislocation arrange-
ment and densities cannot be specified by

the above-mentioned investigations. Therefore,
an in situ transmission electron microscopy
investigation was undertaken of dislocation
gfeneration at the inclusions due to the
differential thermal contraction. A simple
model based on prismatic punching was
developed to account for the relative dislo-
cation density due to the differential thermal
contraction.

1. INTRODUCTION

Arsenault and Fisher [1] proposed that
the increased strength observed in Al-SiC
composites could be accounted for by a high
dislocation density in the aluminum matrix,
as observed in transmission electron micros-
copy (TEM) samples taken from bulk
composite material annealed for as long as
12 h at 810 K (Fig. 1). In this investigation
a representation of at least three Burgers
vectors was found in any given location.
Also, it was observed that for intermediate
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or small particle spacings a subgrain structure
existed with the subgrain diameter about
equal to the inter-particle spacing. However,
for very large SiC particles (250 um) the
subgrain size is much smaller than the inter-
particle spacing (Fig. 2).

The dislocation generation mechanism
proposed by Arsenault and Fisher to account
for this high dislocation density is based on
the large difference (10:1) between the
coefficients of thermal expansion of alumi-
num and SiC [2]. Therefore, when the
composite is cooled from the elevated
temperatures of annealing or processing,
misfit strains which are sufficient to generate
dislocations occur because of differential
thermal contraction at the Al-SiC interface.

Chawla and Metzger [3], in an elegant
investigation of Cu-W composites using
etch-pitting techniques, observed a high
dislocation density at the Cu-W interface
which decreased with increasing distance
from the interface. They observed that, if
the volume fraction of tungsten was 15%,
the minimum dislocation density in the
matrix was 7 X101 m™2, increasing to
4 X102 m™2 at the Cu-W interface and
concluded that the dislocations were caused
by the difference (4:1) between the thermal
expansion coefficients of copper and
tungsten. Recalling that the difference
between the thermal expansion coefficients
of aluminum and silicon carbide is 10:1, i.e.
more than twice as great as in the Cu-W sys-
tem, we would expect thermal stresses in
Al-SiC to be certainly sufficient to generate
dislocations also in this composite.

Other causes may also contribute to the
high dislocation density observed in annealed
Al-SiC material. Specifically, dislocations
are introduced into this material during the

© Elsevier Sequoia/Printed in The Netherlands
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i Fig. 1. A micrograph from a TEM foil taken from a bulk sample with 20 vol.% SiC, which was annealed for 12h
at 810 K and furnace cooled. The right-hand side of the micrograph is an SiC particle and to the left is the matrix
\v‘_ material containing a high dislocation density.
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plastic deformation processes of manufacturing,

such as extrusion. During annealing, these
dislocations might not be annihilated but
could be trapped by the SiC, resulting in a
high dislocation density even after annealing.

It is important to determine the origins
of the high dislocation density in the com-
posite since the strength of the composite
is affected by that high density. If it is not
the above alternative process but it is indeed
differential thermal contraction that is the
cause of the dislocations, as Arsenault and
Fisher [1] have suggested, then the generation
of dislocations should be observed in com-
posite thin foil samples on cooling from
annealing temperatures in an in situ high
voltage electron microscopy (HVEM) experi-
ment. The present paper is the record of
such a test. .

In situ dynamic HVEM experiments have
certain advantages over other experimental
techniques. The major advantage is that
direct observation of the alteration of a
microstructure by a dynamic process is
possible while a deforming force, in this
case a thermal stress, is operating. Operating
at higher voltages allows penetration of
thicker samples so that surface effects are
minimized and bulk behavior is more closely
approximated. Also, a high voltage micro-
scope can better accommodate special stages
required for in situ work because of the
large pole piece region.

Previously, several theoretical investigations

had been undertaken to predict the magnitude

of the plastic strain in the plastic zone around
a particle, as follows: the relaxation of the
misfit caused by the introduction of an over-
sized spherical particle into a spherical hole
in the matrix was analyzed by Lee et al. {4].
Using the misfitting sphere model, they
calculated strains in the plastic zone that
surround a hard sphere and also the plastic
zone radius.

Hoffman [5] calculated the overall total
strains in a tungsten-fiber-reinforced 80Ni-
20Cr matrix, using a thick wall, long cylinder
model and assuming that a hydrostatic
stress state exists within each constituent.

Garmong [6], assuming uniformity of
stresses and strains in the matrix, calculated
deformation parameters for a hypothetical
eutectic composite and reported values of
matrix plastic strains of the order of 0.4%.

Dvorak et al. |7] developed a new axi-
symmetric plasticity theory of fiber com-
posites involving large thermal changes.

The long composite cylinder model was
adopted as a composite unit cell, and micro-
stress distribution as well as yielding surfaces
were obtained for Al-W composites.

Mehan [ 8] calculated residual strains in
an Al-a-Al,04 composite due to cooling
from the fabricating temperature. He con-
sidered an idealized composite consisting of
a long sapphire cylinder surrounded by an
aluminum matrix, i e. equivalent to the
long cylinder composite model used by
Dvorak et al.

None of the above models predicts the
local dislocation density or the average
dislocation density. Correspondingly, as
they are not capable of predicting dislocation
densities, then predictions of arrangements
of dislocations are certainly not possible
from these theories.

The purpose of this investigation of
temperature cycling samples in the high
voltage electron microscope was to fill this
gap in our knowledge and tc determine
whether dislocation generation occurs at the
Al-SiC interface on cooling a composite
from annealing temperatures. The subsequent
theoretical analysis tests whether a simple
model of dislocation generation during
cooling based on prismatic punching can
account for the experimental results.

2. MATERIAL

The Al-SiC composite with 20 vol.% SiC
in aluminum alloy 6061 (together with an
aluminum alloy 6061 sample with no SiC
as a control sample) was purchased from
DWA (Chatsworth, CA); the SiC was of
platelet morphology. The platelets are
5-7 um long and have an aspect ratio D/t,
where t is the thickness of the platelet and
D is the diameter, of 2-3. This composite
is a powder metallurgy product supplied
in the form of a plate. As a second control
material, wrought aluminum alloy 1100
in the form of a rod 12.5 mm in diameter
was purchased from ALCOA (Aluminum
Company of America) and tested in the
as-received condition.
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3. SAMPLE PREPARATION AND EXAMINATION
PROCEDURE

An ton-milling technique was required for
the production of TEM samples on account
of the SiC in the aluminum matrix.

The two types of composite, i.e. the
powder-compacted aluminum alloy 6061
matrix with 20vol.%SiC and the control
with no SiC, were machined into rods
(12 mm in diameter and 4 cm long), annealed
for 12 h at a solutionizing temperature of
810 K and furnace cooled. After annealing,
slices of 0.76 mm thickness were cut by
electric discharge machining at 80-100 V.,

Deformation damage from electric discharge
machining is estimated to extend 0.20 mm
beneath the surface [9, 10]. Therefore the
slices were fixed to a brass block with double-
sided tape and surrounded by brass shims
and then mechanically thinned on a rotating
water-flooded wheel covered with 400 and
then 600 grit paper to remove the electric
discharge machining damage and to reduce
the thickness of the slices to approximately
0.127 mm. Final thinning was carried out
using argon ion plasma bombardment,
operating at 6 kV, at an ion current of
50 A and a sample inclination of 15° to
the ion beam. For these operating parameters
the projected range or average distance that
the argon ion travels into the foil is only
20 nm (11, 12]. As Dupuoy [13], who con-
ducted an in situ ion thinning experiment
on iron and Al-Ag specimens using a 3 MV
microscope, showed, dislocation arrangements
and microstructures in Al-Ag and iron are
not altered by ion thinning, even though
some point defects are introduced into the
near-surface region of the sample by ion
bombardment. Therefore, it may be con-
cluded that ion milling does not introduce
or remove dislocations in the present TEM
foils, either.

The aluminum alloy 1100 control samples
were prepared from the as-received wrought
rod in the same manner as the Al-SiC com-
posite samples, except that electropolishing
was employed instead of ion thinning.

The thinned samples were observed in
the high voltage electron microscope operating
at 800 kV with a beam current of 2.3 uA.

A double-tilt side-entry furnace type of
heating stage was used to heat the specimens.

At g s 006 got gid mast it of ;-*T
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While being observed in the microscope, the
samples were heated to 800 K, held at that
temperature for 15 min and then cooled to
ambient temperature. Subgrains exhibiting
dislocations in contrast were chosen for
observation. During heating and cooling,
thermal drift of the stage and thermal expan-
sion and contraction of the sample caused
the chosen subgrain to move. In order to
maintain the same subgrain in the field of
view at the same crystallographic orientation,
it was therefore necessary to translate
slightly and to tilt the specimen almost
continuously. Since changing to selected
area diffraction conditions during cycling
to monitor the orientation would have
resulted in loss of the chosen area from

the field of vievr, the orientation was
maintained constant by monitoring the
contrast of some specific microstructural
features such as a subgrain boundary or
Al-SiC interface in the bright field mode.

One thermal cycle required about 1 h,
and most of the samples were observed
throughout several thermal cycles. The
thickest regions of the sample penetrated
by the beam were chosen for observation,
and at an operating voltage of 800 kV the
beam is known to penetrate aluminum
0.8 um thick (14].

The dislocation density p was determined
by a line intercept method adapted from
that of Hale and Henderson-Brown {15].

A grid of lines is placed over the TEM
micrograph, and the intersections of dislo-
cation lines with the grid lines are counted.
The dislocation density p is given by

_2N
LT

where N is the number of dislocation inter-

sections with the grid lines, L is the length

of the grid lines divided by the magnification

and T is the thickness of the sample (in our

case, 0.8 um), while the length of the grid

lines was 0.58 m. Each reported dislocation '
density is an average value obtained from

three to ten micrographs.

0

4. EXPERIMENTAL RESULTS

The discussion of the experimental results
pertains to the three materials tested:
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aluminum alloy 6061 with no SiC, aluminum
alloy 6061 with 20vo0l.% SiC, and aluminum
alloy 1100 rod. In all cases, typical results
will be described. A total of 300 micrographs
were taken.

4.1. The controls, aluminum alloy 6061
with no SiC, and eluminum alloy 1100

The aluminum alloy 6061 control sample
with no SiC had a large subgrain size
{approximately 5 um) and a low dislocation
density (8 X102 m~2) (Fig. 3(a)). A few of
the larger second-phase precipitate particles
(Mg,Si) were surrounded by dislocation
tangles bowing out from the precipitate
interface (Fig. 3(b)). On heating, the dislo-
cations began to move in the sample,
migrating away from the particles. Similarly,
dislocations were also generated in other
areas of the subgrain and moved through
the matrix, occasionally being pinned by
precipitate particles. Eventually, at elevated
temperatures (670 K), all the dislocations
disappeared. Slip traces left behind when
the dislocations moved also disappeared at
temperatures close to 700 K, possibly
because of surface diffusion. After the
sample was held at 800 K for about 15 min,
it was cooled down again.

The image tended to be out of focus at
high temperatures because of thermal drift
of the stage. On cooling, dislocations
reappeared at the large particle interfaces
at about 500 K, Sometimes these moved
faster than could be seen individually. The
dislocations formed tangles in the vicinity
of the precipitate while most of the matrix
did not accumulate any dislocations
(Fig. 3(c)). Only a few dislocations were
generated about the precipitates (Fig. 3(d)).

The aluminum alloy 1100 sample had a
dislocation density initially of 4 X102 m™2,
and a large subgrain size of 5 um (Fig. 4).
Relatively thick regions containing few
precipitates were chosen for observation.
On heating, most of the dislocations had
disappeared by 673 K. At this temperature,
the heating stage mechanism failed; therefore,
the sample never reached 800 K, but heating
had been sufficient to remove the dislocations
from the area under observation. The dislo-
cations in this area did not return on cooling,
except for a few which were connected to
precipitate particles (Fig. 5).
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Fig. 4. Wrought aluminum alloy 1100 control
sample in the as-received condition. Before in situ
thermal cycling, this control sample with no SiC

had a high dislocation density. Like the aluminum
alloy 6061 control, this sample has a large subgrain
size, and the dislocations present are often associated
with precipitates.

4.2. 20v0l.% SiC composites

In the 20vol.% SiC platelet samples
(Fig. 6(a)), most of the dislocations dis-
appeared on reaching 650 K (Fig. 6(b)) and
the dislocations reappeared on cooling
(Figs. 6(c) and 6(d)). In the cases where
the Burgers vectors of the dislocations were
determined, it was found that in general
three different Burgers vectors could be
found in a given location, on either side of
the platelet. However, certain aspects of
the microstructural alterations on cooling
were surprising in these platelet samples; in
the first cycle, the dislocations disappeared
and then reappeared on cooling, whereby
at least one (unusual) subgrain was observed
to be filled with slip traces. The area of that
subgrain was chosen as the area of focus
from then on and it was seen that the
parallel lines disappeared on heating. Then,
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.}_ in Table 1. When subgrains with slip lines

~ {out of which heavy dislocation losses

occurred) are disregarded, the densities are
higher in the 20 vol.% SiC composite samples
than in the control samples, both before

and after in situ thermal cycling. However,
the dislocation densities listed are lower
limit densities since there was difficulty

in taking selected area diffraction patterns
of a given subgrain and then tilting to a
specific reflection, e.g. [420], and assuring
that the same orientation was maintained
throughout. Therefore the reported densities
could be as low as one-half to one-third of
the actual densities [16].

-

AL

el

As expected, the distribution of the dislo-
cations within the samples was not uniform,
’. in that there was a higher density near the
B SiC particles. Also, greater dislocation
generation was observed at larger SiC platelets
Ny than at the smaller ones, and more dislo-
i cations were generated at the ends of the
SiC platlets, where plastic strain during
cooling is greatest, than at the middie of the
platelet. Also, as already implied by the above
- : observations, in these composite samples
. Fig. 5. The same areas in Fig, 4 after in situ thermal there was-a significant number of dislocations
. cycling. In the absence of SiC, few dislocations which escaped from the surface, leaving only
' reappear in a thermally cyclec:.l sampl‘e; the few slip lines.
dxslo.ca‘txons present are associated with second-phase As a consequence of all the dislocation
precipitate particles, . .
o generation at the platelet surfaces, there is a
» theoretical possibility of void formation at
on s'ibsequent cooling, packets of slip the Al-SiC interface. However, no voids
o traces appeared to emanate from the SiC were observed in any of the samples.
! placelet. The slip traces formed in three
directions at angles of about 82° and 45°
to each other and were associated with
. newly generated dislocations. At deep slip 5. THEORETICAL MODEL
< traces the dislocations causing them had
: moved too quickly to be seen individually. A simple model based on prismatic
' From those deep slip line traces the important punching was adopted with the following
- conclusion can be drawn that some kind of assumptions.
- dominant dislocation generator must have (1) Both SiC and aluminum were assumed
. been responsible for the dislocation generation to be elastically isotropic (which they are
v in specific locations. This effect is explained not) but the effect of anisotropy is small.
<. below through a simple theoretical model. (2) The resolved shear stress required to
After the third thermal cycle, many (rather move a dislocation is very small. (This is
b than only isolated) subgrains were filled reasonable, for the dislocation motion occurs
- with slip traces originating at the SiC platelet at relatively high temperatures and thus low
i interface. frictional stresses.)
- (3) The SiC reinforcement is assumed to
o 4.3. Dislocation densities be parallelepiped particles.
= The dislocation densities of all samples (4) Prismatic punching is assumed to occur
before and after in situ annealing are shown equally on all faces of the particles.
o
at
'g‘

AR PN
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ABLE 1

Distocation deunsity before and after thermal cycling
of samples

sample Dislocation density (m"“’)

Before thermal  After thermal

cycle cycle
Al alloy 6061 - 2.0 x 1013 1.0x101Y
20 vol.% SiC
platelet?
Al alloy 6061 8.0 x 1012 6.4 x 1012
control®
Al alloy 1100¢ 4.0 x 1012 5.3 x101

* Bulk annealed for 12 h at 800 K.
® Subgrains without slip lines.
¢ As-received wrought alloy.
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Fig. 7. A schematic diagram of the particle and
several prismatic punched dislocations.

Let us consider a composite material
strengthened by parallelepiped particles of
height ¢;, width ¢, and thickness t3 (Fig. 7)
{17]. The misfit strain due to the difference
ACTE between the thermal coefficients of
expansion of aluminum and 8iC is

_ At

€ = —

&

= ACTE X AT (1)
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where AT s the difference between the

previous anncaling and test temperatures.

If we consider the dislocation gencration

by prismatic punching, then the total

number of dislocation loops may be

expressed as

N, =t - )
e (S
1 1

b

where N; is the number of prismatic loops
punched in the ith direction, € is the misfit
strain, b is the length of the Burgers vector
and t;; is the contribution of particle height
in the ith dimension in punching a dislo-
cation along the same direction. It is believed
that, by taking account of dislocation back
stress and dislocation interaction, t,; can be
written in a general form

R ,
t”=f(t,','72—,l/,l/) (2)

where k* and k are the bulk modulus of the
particle and the matrix respectively, v* and
v are Poisson’s ratio for the particle and the
matrix respectively, and ¢; is the actual
dimension in the ith dimension of the
particle.

Then the total length of the dislocation
loops punched out in the ith direction is
given by

2¢
L= -b_ t1a(tis + t13)

‘26

I, = b ta2(tay + t23) (3)

2€
I3= o taz(ta + t32)
i.e. in general symbols

2¢ /
= B tii0tin(l — 64) (3)

where §;; and §;;, are the Kronecker deltas,

t; is the contribution of the particle height in
the jth dimension in punching a dislocation
loop in the ith direction and the Einstein
suffix notation is used here.

In this work, further assumptions,
simplifications, facts and parameters which
are reasonable in terms of experimental
results are introduced as follows.
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1) The back stress between dislocations
which are punched out was neglected. At
any rate it is partly balanced by the image
Taree.

12) It is assumed that the misfit strain is
completely relaxed by the prismatic dislo-
cauons, i.e. no elastic residual stress remains.
(In fact it has been shown that there is a
small elastic residual stress.)

{3) Interaction stresses among different
particles and those between punched dislo-
cations from one particle with the dislocations
punched out by another platelet are
neglected.

The proceeding formulations can be
further simplified. On the assumption of
rigid expansion, all the misfit is relaxed,

i.e. there are no dislocation-dislocation and
dislocation-particle interactions

ty =t (4)

Then

No=g S =B o 03 (4")
5 b

and it is also reasonable to assume that

Therefore, eqn. (3) can be expanded in the
simple form

t

2€
L= Y ty(ty + t3)

2e '
12=‘b—f2(t1+t3) (5)

2¢
3= s t3(ty +t2)

which may also be directly extracted from
Fig. 7. Thus the total length of dislocations
generated by one particle is

=L +1,+ 1, (6)

Without considering the dislocation back
stresses and dislocation-particle interaction
(as outlined before) the arrangement of the
particles will not affect the dislocation
density p due to the difference between the
thermal expansion coefficients of aluminum
and SiC. The number of particles in unit
volume is

A
no=
titaty

where n 1s the number of particles in unit
volume and A is the volume fraction of
particles. Therefore from eqgns. (6) and (7)
the length of the dislocations generated by
all particles will be

L=+ 1, +13) (8)
1taly
and the dislocation density in the matrix
is found to be
Pm1-a
4A€ 1 1 1
=+ — +— (9)
b(L—A)\t; ty 3

It should be noted here that the dislocation
density is proportional to the sum of the
inverse of t;. This means that for the same
volume fraction, in general, the smaller the
particle size the higher a dislocation density
will be produced (Fig. 8).

Let us consider the cases of composites
with (i) rods (“‘whiskers’’) and (i1} with
platelets of aspect ratio R equal to 2 and
of the same volume fraction. The dislocation
densities for both cases are

104e 1
Pw =TT 7 (10)
b(l—A) ¢

pimh

tauyn (um)

Fig. 8. Calculated dislocation density p due to
prismatic punching as a function of minimum

particle thickness ¢, for both rods (‘*‘whiskers™")

(- - -) and platelets ( )} of the same volume fraction
A, according to eqn. (9) (R = 2).
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with ¢ designating the smallest dimension,
while p and p, stand for the dislocation
densities in the whisker and platelet com-
posite respectively. It is readily seen that
the theoretical dislocation density due to
prismatic punching is higher in a whisker
composite than in a platelet composite of
the same volume fraction. Figure 8 shows
the calculated values according to eqn. (9)
for whisker and platelets with an aspect
ratio of 2, the latter as for the samples
studied.

In general, the dislocation density p due
to punching can be written as

BAe 1 12
P (1= Ayt (12)
where B is a geometric constant which is
theoretically between 4 (for one dimension
very small compared with the other two)
and 12 (for equiaxed particles) and ¢ is the
smallest dimension of the particle as before.
It should be noted also that empirically there
exists an upper limit to the dislocation
density of about 10*® m™~2, This would
correspond to a minimum dimension of
the particles of 0.01 um.

The dislocations produced as a result of
punching in accordance with Fig, 7 have one
set of Burgers vector of a single type along
each side (i.e. at a given location) whereas
experimentally three different groups of slip
traces, each of which represents one type
of Burgers vector, are generally observed.
Thus, ideally punched dislocations seem
unlikely to lead to the formation of subgrain
boundaries. As such, they represent a high
energy configuration. Therefore, additional
dislocations may be generated to assist the
production of the low energy dislocation
configuration of subgrain boundaries. These
are in fact observed in bulk samples (Fig. 2)
but not in in situ thermally cycled TEM foils.
In the course of the dislocation rearrange-
ments leading to subboundaries, additional
dislocations may be formed, but more
probably there is a net decrease in dislocation
density p due to mutual dislocation annihi-
lation. Yet the density of dislocations
produced as a result of this punching model
is a factor of 2 or 3 lower than that observed
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experimentally for the small-size purticles
[t 1s suspected that for larger-size particles,
the model correspondingly underestimates
the density.

Although the actual dislocation density
and arrangements were not obtained, 1t
possible to calculate a lower bound vilue for
the strength increase due to the dislocutions
formed through thermal strains.

For the strengthening due to the prosence
of dislocations generated by the diffi rentid
thermal contraction, the following cquation
may be used:

Ao = aubpt? 113)

where Ao is the increase in tensile strength,
u is the shear modulus of the matrix and « is
a geometric constant. Hansen [18] obtained
an « value of 1.25 for aluminum, which we
shall use.

Now, when eqn. (12) is substituted into
eqn. (13), the following is obtained:

11

A b( A BE)‘(I)‘ 14)

g = -
s 1—A b/\t (

Equation (14) yields the Ac values plotted
versus the platelet diameter in Fig. 9.
Admittedly, these data are associated with
some uncertainty. In particular, expen-
mentally it is much easier to measure the
platelet diameter, and it is for this reason
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Fig. 9. The calculated increase in tensile strength of
the composite over that of the matrix material on
account of the dislocations due to the differential ;
thermal contraction of aluminum and SiC and given )
by Ag = 0y, — 0y where 0y is the yield stress of

the composite and Oy, is the yield stress of the

matrix on the basis of eqn. (14) using B=8, A = 0.2,
U=26%x103MPa, b=286x%x10"1"m R =D/t =2,

and R = 2: %, experimental point.
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that 1t was chosen in the evaluation and not
the mintmum dimension.

Yet, the aspect ratio must be known in
order to find B which 1s similarly not well
known.

As can be seen in Fig. 9, thereis a
significant decrease in the predicted strength-
ening with increasing platelet size. This is to
be expected, however, also on account of
particle strengthening independent of the
differential thermal contraction effect.
Included in Fig. 9 are two experimental
data points for the SiC particles 0.5 um in
diameter and 250 um in diameter in an
aluminum alloy 1100 matrix [19]. It seems,
then, that a significant portion of but not
all the strengthening due to the SiC particles
may be ascribed to the differential thermal
contraction effect. The effect of a reduced
subgrain size due to SiC particles probably
also contributes to the strengthening.

6. DISCUSSION

The presence of SiC particles of platelet
morphology in an aluminum metal matrix
composite resulted in the generation of dislo-
cations at the Al-SiC interface when the
composite was cooled from the annealing
temperature. In general, the high density of
dislocations originally present in the com-
posite samples disappeared at 500-650 K
and then reappeared on cooling at densities
close to the high densities originally observed
in the annealed specimens. In contrast,
dislocations were not generated to the same
extent in either of the control samples
during cooling.

However, there are specific differences
between the in situ cooled TEM foils and the
TEM foils taken from a bulk sample. The
dislocations within the bulk foil are generally
in very tangled arrangements (Fig. 1), whereas
in the in situ cooled foil the dislocations are
much more uniformly arranged. The reason
is that, in in situ cooled foils, dislocations are
lost out of the free surfaces and that,
secondly, buckling of the foil occurs which
accommodates some of the strain field due
to the differential thermal contraction. In
the in sit. foils, generation of subgrain
boundaries was not observed.

The intensity of dislocation generation
at the Al-SiC interface is related to size

and shape of the 51C particles. The intensity
of generation is lowest for small, nearly
spherical particles. As the particle size
increases, Le. from 1 to 5 pum, the intensity
of generation increases significantly. Also
the intensity is much greater at the comers
of a particle. This accounts for the observed
strong slip traces. The increased number of
dislocations generated per particle as the
size increases is predicted by the theoretical
model (eqn. (4')); also at a constant volume
fraction the average dislocation density
decreases as the particle size increases

(eqn. (9)).

The control samples were invaluable in
determining the fact that the dislocations
generated on cooling were not artifacts due
to the effects of electron irradiation. In the
aluminum alloy 6061 control sample with
no SiC, only a few dislocations were
generated at a few large precipitates.
Similarly, the aluminum alloy 1100 control
samples were also exposed to the high energy
electron beam, and yet substantial formation
of dislocations did not occur (Fig. 3). Also,
experimentally and in agreement with theory,
the intensity of dislocation generat’on can be
correlated with the size, volume fraction and
shape of the SiC or second-phase precipitate
particles present, proving that the particles
and not the electrons in the beam caused
the dislocations to be generated. It should also
be pointed out that slip line generation about
an SiC cylinder in an aluminum disk due to
thermal cycling has been demonstrated by
Flom and Arsenault [20].

Because of the difficulty associated with
tilting a very-fine-subgrain material to the
various di “{racting conditions required to
image all the dislocations in the subgrain, the
reported densities could be one-third to
one-half of the actual number. Moreover,
many dislocations escape from the foil
surfaces. Although more rigorous tilting
would give more precise values, a good idea
of the relative densities in the samples can
be obtained by imaging dislocations in many
subgrains for each material and assuming
that the value will be systematically low for
all the samples.

The net result of considering all the experi-
mental factors which may influence the
experimentally determined dislocation
densities after a thermal cycle is (1) that the
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dislocation generation observed during coohing [he suthors wish

can be readily attnibuted to the differential
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thermal contraction of the alumimum and
S1C and (2) that the observed densities are
lower than the densities which would be
observed if bulk samples could be examined
and 1f diffracting conditions were controlled
to image all dislocations.

The observed changes in dislocation density

an cooling are in general agreement with
the simple prismatic punching model, The
model of thin platelet predicts a dislocation
density of 2.4 X 10! m™2 for an average size

assistance with the experiments. Effective
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Def ti f SiC/AlIC osit
N Y. Flom and R.J. Arsenault
INTRODUCTION

Dizcontinuously remnforced metal matrix composites represent a group of Author's Note: This work was s e tet O
matenals that combine the strength and hardness of the reinforaing phase :'}:;‘;";_-\ﬂ‘“l Research under Cantrnt Ne doeig
with the ductibity and toughness of the matrix. Powder metallurgy (prm
aluminum alloys reinforced with SiC in particulate, platelet, or whisker This article reciews same aspects of

form are receiving a great deal of attention from researchers and engineers
The interest in AISIC composites is related to: their high elastic modulus,
high strength, and lLight weight!4 (see Table 1); the ability to economically
produce S1C whiskers, platelets, and particulates:®* the ability to use
standard shaping methods such as forging, rolling, extrusion, etc. and
much less dependence of the engineering properties on directions than with
continuous composites 34

Despite all these advantages, AlI'SIC composites, to our knowledge, have
not been used 1n critical areas such as the manufacture of aircraft frames
The main obstacles to using AI'SIC composites in acrospace technology are
bow ductility and fracture toughness.

plastic deformation of ALS1C conipos.

ttes with an emphasis on strengthening

mechantsms, the role of coefficient of

thermal expansion (CTE), the role of

particle-matrix interfaces (PMI), and the

fracture process. There 1s a tremendous

potential for structural applications of

S51C/AL composites. However, a complete

understanding of the mechanisms of

strengthening and fracture have not vet

been obtained. Therefore, continued de-

tatled fundamental investigations are

STRENGTHENING PHENOMENA required.
The experimental results of a number of investizations provide quite

huth values for the yield strength oy and ultimate strength oy of AUSIC

discontinuous composites (Table D). Predicted or calculated values of oy,

based on a classical continuum mechanics model of a composite material,

1> by a factor of four lower than that determined from the experiment.?

This discrepancy becomes even more significant in light of the fact that

assumptions that are made in the continuum mechanics approach (ie.,

perfect alignment of the whiskers or platelets and a void-free matrix’) do

not represent the situation in the real Al/SIC composite. Experimental

observations show, however, that there are a significant number of voids

present in the matrix and the alignment of the whiskers and/or platelets is

far from perfect.23 A modified continuum mechanics approach has been

proposed for theoretical prediction of ous and uy.® This approach takes into

account the tensile load transfer from the matrix to the whisker and/or

particulate ends. An assumption is made that the presence of SiC does not

affect matrix behavior and one can use properties of the matrix and the

concept of the load transfer to predict the strength of the composite.

Whisker and particulate 6061 Al/SiC composites had calculated yield

strength values of about 500 MPa and 450 MPa, respectively and observed

yield strength values of about 450 MPa and 420 MPa, respectively.®

However, there are several assumptions in this formulation which are not

valid ®
Table |. Mechanical Properties of SiC/Al Composites
Ultimate .

Composite Volume Yield Tensile Elastic Ductility Fracture

and Heat Fraction Strength, Strength, Modulus, @ = A, % % Elong. Toughness,

Treatment of SiC, % MPa MPa GPa A 7 €p Kic MPa Vm Source

SiCps6061 20 400-356 434-428 108 49 1.5 (2),(3)
T6 (27)

SiCp/6061 25 345 410 99 4.4 15.8 (4), (28)
T6

SiC./6061 20 470-321 607-423 106-103 5.4 3-2.2 224 (2), (3
T6 (4), (27)

SiCp/2024 30 405 456 118 8 (3),(27)
T6

S1Cw/2024 20 524-455 117.97 1-2 (1)
T4

S1Cp/7075 30 392 439 119 9 (3),(27)
T6

SiC/7075 20 407 549 101 35 (3 427)
T6

JOURNAL OF METALS « July 1986




;

T TWWYTrwWorwywy

«

where Boas o peometrie constant which varies theoretically between 4 tor
whinkers and 12 tor equiaxed particles. A s the volume traction of particles,
b the denpth of Burger's vector, t s the smallest dimension of particle,
dand voas the nmustit stram due to dutlerence i CTED e

e - LACTEY = AT Ry

Expression 2 imphies that for the same volume fraction, smaller particles
will produce hgher dislocation densities «Fyrure 2

Several mmvestyrations were conducted to evaluate the residual thermal
stresses n the Al'SiC composite. An x-ray diffraction technique was used
tor experimental evaluation of the residual stresses. It was found that the
residual stress state in the composite was tenstle, ranging from 34.5 MPa
to 407 MPa (Table ID.16 Theoretical analyvsis of thermal stresses was based
on Eshelby's equivalent inclusion model. Ellipsoidal aligned whiskers in
the infinite body were considered and mechanical properties of annealed
6061 Al matrix and SiC whisker with the aspect ratio L/d = 1.8 (length-to-
drameter ratio) were used for the calculations. Resultant stress distribution
15 shown in Figure 3 In addition, the difference in the yield strength Ag,
between tension and compression resulting from the thermal residual
stresses was determined experimentally and caleulated theoretically using
the previously cited model. Very good agreement was obtained between the
experimental and theoretical results!® (Figure 4).

It should be mentioned that there are some negative aspects to the
difference in CTE between SiC and Al Degradation of the yield and
ultimate strength was reported as a result of thermal cycling of 2124
Al'SiC composite.!” Prolonged exposures of SiC/Al to elevated temperatures,
however, showed no apparent effect on the composite’s mechanical proper-
tres at room temperature 8

SiC/Al INTERFACES

It is probably not an exaggeration to say that the interfaces play the
most important role in the behavior of a composite. The interface is a
necessary link between the matrix and the reinforcement to accomplish the
load transfer as well as a site of dislocation generation during thermal
changes and/or plastic deformation.

Previously, the importance of a strong particle-matrix bond was empha-
sized by a number of investigators. [t was shown that strengthening of the
two-phase alloys was possible only in the case of the strong PMIL!3 Also,
strong PMI prevents or delays the onset, in an internal necking mechanism,
of the ductile fracture process.?® In general, the bond between SiC and Al
is quite strong in SiC/Al composites.}3.2! Direct experimental measure-
ments of the bond strength have not been reported in the literature.
Indirect measurements of SiC/Al interfacial strength, based on Neuber's
theory of notches, provided values on the order of 1600 MPa.?2 The fact
that the obtained value is quite high supports qualitative observations
made by various investigators.

A recent study of SiC/2124 Al composite using high resolution electron
microscopy showed that the Al-SiC interface regions consist of numerous
small precipitates of MgQ, CuMgAl,, CuAl, and some Al,O, phases ranging
in size from 10 nm to 100 nm.23 No voids were observed at the whisker-
matrix interfaces, indicating the presence of a “perfect” bonding. The
structure of the interfaces, however, was found to be rather complicated
and not a planar Al-SiC interface. This observation does not speak in
favor of the classical load transfer-type strengthening theories developed
for composites.?

Another interesting phenomenon associated with SiC-Al interfaces was
recently reported in the course of fracture surface analysis performed with
a scanning Auger electron microscope.?4 Both SiCu/6061 Al ana SiCw/2124
Al materials were fractured in-situ and composition analyses were performed
on individual whiskers exposed on the surface (Figure 5). In most cases, Si
or C could not be detected on the whiskers. Detection of Si and C was
possible only after considerable ion sputtering. This means that “pulled
out” whiskers are coated with an Al layer which is the indication of a
good SiC/Al bond. Also, an anomalous diffusion of Al into SiC was ob-
served (Figure 6).

FRACTURE

Ductility and fracture toughness of SiC/Al composites are quite low
(Table I) and require an intensive study to reach a compromise between
two extremes a very strong and brittle composite versus a weak and
ductile composite As of now, this compromise has not been reached
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Figure 3. Schematic distnbution of the strecs

in the matnx and the remnforcement

due 1o

the difference in thermal coefficient of expan-
sion between the SIC and Al
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Figure 4. The difterence in yield stress be-
tween compression and tension as a function
of volume percent silicor, carbide whisker
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Tabie Il. The Thermal Residual Stresses
(Tensile) as Measured by X-ray Detraction

Techniques
Transverse Longitudinal
Material MPa MPa
0OV7T Whisker 00 0.0
S0
60681 Matnix
5 V% Whisker 407 345
SiC
6061 Matrix
20 V% Whisker 228 55.2
SiC
6061 Matrix
Wrought 0.0 0.0
\‘--
s
-
". Fuyure 2 730 4”00 - 0
2 iy oot )
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Another possithic eaplanation of the mechanism off Al SIC strenpthening

Fased an the Oroswean "nm\ which enables one to estimuate the stress
requited tor dislocanion o bvpae s the particle 1 Particle separation 15 a
phior parameter controlling: thes stress Taking the average particle spac-
myof U vields aboat oS MEPG inerease i composite strength, which is
obviousIv too small compoaed with o Guto 110 MPo inerease observed
experinientidiy

Yet another approach o based o the inerease of the dislocation density
i the Al allov matnx s shown that the strength of the thermomechan-
wally treated 60617 AL alioy can be as high as 400 MPa il If this value is
used tor caleulation of the theoretical strength of the composite, then
caleulated oy agrees well with experimental results. The increase of the
dislocation density an Al matrix in the AI'SIC composite was attributed to
the relaxation of the misfit =train between SiC particles and the matiix
Thes masfit stram arises from the ditterence between CTE of SiC and that
of Al of about a factor of 10 on cooling down from the anncaling or
processing temperature ©

Transmission electron microscopy (TEM) investigations of these compos-
ite materials do indeed reveal a high dislocation density (10Y em~?) and
small subgrain size (1.0-2.5 ' The following expression was proposed
for the ultimate strengrth”

Tyt Tis ™ Tspe * Uwh T Ueomp T Tah (1

where gdu 1s the term due to dislocation density increase; o is the increase
in strength due to subgrain boundaries; gwn is the increase due to work
hardening; ocomp is the increase due to continuum mechanics strengthening,
and finally oan is the increase in the strength due to the heat treatmen:
The evaluation of these terms results in a value of about 630 MPa for o
whereas the experimental value is about 640 MPa.

ROLE OF CTE

In the course of studying plastic deformation of two-phase alloys, 1t w.
observed that second phase particles can act as a dislocation source when .
material is cooled from an elevated temperature or is deformed. '3 Hewcer
observations of the local plastic deformation around SiC particles in Al
composites subjected to the thermal cycle showed that the sz o o
plastically deformed zone around the particle is ~1.5 particle 1o
Interestingly, plastic deformation, i.e., formations of the ship !t i
the SiC particle, was also observed on heating from room oo
Sub_equent in-situ high voltage TEM investigations of Az -
showed dislocation generation on heating,'? which o oo
observation of the slip bands. A simple model, based n 1,

(Figure 1), was developed to account for the relative
due to the difference in CTE.}S

Dislocation density in the matrix was found -

[I;».l )
lw \J t

(x10'2)




7 RD-A189 258 CONPOSITES STRENGTHENING(U) NRRVLRND UNIV_COLLEGE PARK
METALLURGICAL NRTERIRL LAB J ARSEMAULT NOV 87
MML-1987-1 NOB814-85-K-0007

UNCLASSIFIED




Y TN WwwWTr

"
||| ] IIHI%
A e
i

= e

i s e

o

- -
-
-
mm——
—— ————

(FEREFT [
=
[

EE

rr
r
re

)jll

. Do WEol TION T Ak T

!

.-‘-o—‘l— e
AL\ =

Y
L 12N,

Qe

IR

SEASAA
o 2

| -
o

[
Ry

e

A
)
. . e, - . - - . - L)

n Ot N AR 0 At ek Y “a" e N % ) WY T W, i
. k"” '! v'{'l” BN ISR .. 2. 4%, & p‘: .,". () .’Q’-, '» “ B‘p“ N A% ,\,‘. n'!. ) A A 8 » .').. 47 |‘!”"h:’0‘...0.-‘ l.t""‘ ‘l‘.o’l.v.'.t".ﬁ |~S‘:..l vy

L

bad




| atahiatded el Rl b e bl e il el Adak dnhe aRA aRA akh- YA Ly LAt sih- Lo gak e, 4 hab ial Bk Ao 2 s a i - A A al-a fig Ao Ban Gbe a abo b ok _gn 4 -

s

.
%

By

i}

{

¢:. . .Q‘\ ‘A -
L (a) x 1000

Figure 7. Large intermetallic inclusion (“fish v
eyes”) (a). cluster of whiskers (b)., and b) x 8000 c) x 5000
. individual SiC particles (c) as an acting () ©
~r fracture initiating sites.

Generally, observations of the fracture surface of SiC/Al composites do not

reveal the presence of SiC particulates and/or whiskers in the quantities

corresponding to their volume fraction.!21.23 QOf specific interest are the

following features:2%

¢ There appear to be fracture initiation sites.

* Fracture has a macroscopically brittle characteristic, but on the microscale,
it is ductile, i.e., has a dimple morphology.

* There is no indication of fracture of SiC (if SiC is less than 10 um in size).

* Some secondary cracking takes place (cracks are formed perpendicular to
the fracture surfaces).

The fracture process is very localized and occurs without warning, i.e.,
no apparent necking is observed.

It seems that the following fracture initiation sites can be identified: the
large intermetallic (Fe, Cr); SiAl, inclusions termed “fish eyes;” clusters
Figure 5. A SEM micrograph taken in the of SiC whiskers or particulates; and voids initiated at the SiC whiskers or
Auger microprobe of the fracture surface of a particulates (Figure 7).
whisker SiC/Al composite. It is generally accepted that a ductile fracture in the presence of second-

phase particles occurs by nucleation of voids at the particles; growth of
Al trace Si trace these voids; and their linkage which manifests the actual physical
separation. The extent of the void growth determines the ductility of the
material. If this stage is very limited, then material bchaves in a brittle
manner. In SiC/Al composites, the void growth stage is very limited. This
can be seen from the dimple sizes (3-5 wm) observed on the fracture surfaces.
Void growth almost stops when the volume fraction of the SiC particulates
or whiskers approaches 20%.2

At present, an effort is under way to give a quantitative description of
the fracture process in a SiC/Al composite using 1100 Al alloy matrix.?%
Commercially pure Al alloy has been chosen to minimize the influence of
various inclusions present in conventional matrix material.

v
v e
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conposites, short fiber composites are attractive, owing to their ease and modest cost of
fabrication, and experimental data on their mechanical properties are now reasonably well
documentated. Among the mechanical properties, the properties related to the stress-strain
curve of a short whisker composite, i.e., stiffness, yield stress, work-hardening rate and
strength (fracture stress) ave coansidered to be the most basic data. Two types of analytical
wodels seem to have been used extensively, the shear lag type and the Eshelby type models. The
former model which was originally developed by Cox (l) {s simple and has been used for
prediction of stiffness (2), yield stress (3), strength and creep strain-rate (4). In the case
of continuous whisker composite, a shear lag type model was also applied to prediction of load
concentration factor successfully (5). However, it is known that the properties predicted by
the shear lag type model will become a crude approximation when the aspect rvatio of the short
fiver (¢/d) is small or the short fibers are misoriented. Nardone and Prewo (3) have recently
proposed a variation of the shear lag type model to obtain a larger estimated tensile yleld
stress of a short whisker MMC with smaller values of £/d.
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On the other hand, in the Eshelby type model, the short whisker is assumed to be a prolate
ellipsoidal inhomogeneity. The analytical model to predict the thermal and mechanical proper-—
ties of a composite was first developed by Eshelby who considered a single ellipsoidal inclusion
or {nhomogeneity embedded in an infinite elastic body (6), thus it is valid only for a small
volume fraction of fiber Vg. Morl and Tanaka (7) modified the original Eshelby model for a
finite volume fraction of inclusfons or inhomogeneities., The thermal and mechanfical properties
that can be predicted by the modified Eshelby type models are stiffness (8), yleld stress and
work-hardening rate (9-11), thermal expaansion (12,13), and thermal conductivity (14). The
Eshelby type model has also been used to predict the thermal residual stress in a composite
(10,13,15). The detaliled summary of the Eshelby type models {s given in a book by Mura (16).

i)

In this short paper, we attempt to compare the above two models with the aim of {nvesci-
gating their advantages and limitations., To this end, we focus on the stiffness (E ) and yield
stress (o ) of a short whisker MMC. First we review briefly the important assumptions used in
the model®and also the final formula to predict the above properties of an aligned short fiber
MMC in Section II. Then a comparison between the values predicted by the models and the exist-
Ve ing experimental data {s made i{n Sectfon IIl. Ftnally concluding remarks on the models are
X glven in Section 1V,

\ . Models
e - 1. Shear Lag Type Model
The original shear lag model, developed by Cox (1), with its detatled derivation of the

Introduction
As the usage of Metal Matrix Composites (MMCs) is becoming more popular, a body of
} literature is being developed on the mechanical properties of these composites. Among various

T
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stiffness (2) and yield stress (2) has already been discussed elsewhere. Thus it {s omitted
here. The standard shear lag model that has often been used for an aligned short fiber compos-—
ite system Is shown {n Fig. 1(a) where short fibers of the same size are assumed to be distri-
buted in the matrix f{n a hexagonal array. The repeated cell (unit cell) is identified as in
Fig. 1(b) which is used for the detailed derivation. The most important assumption in the shear
lag type model is that load transfer occurs between a short whisker and matrix by means of shear
stresses at the matrix-whisker interface. In the original shear lag model (1,2) the load trans-
fer by the normal stress at the whisker ends and side surfaces was ignored. Nardone and Prewo
(3) recently suggested that the load transfer at the fiber ends should be accounted for in pre-~
dicting the yleld stress, but still ignored the normal load at the side surface of fiber for the
case of t/d values. Below, we list the final formulae based on the shear lag type model to
predict the stiffness (1,2) and the end result of a derivation of the tensile yield stress,
including normal stresses on the end of the fiber of a short fiber composite. For the
stiffness,

tanhx
Ec/Em = - Vw) * vu(Ew/Em)(l - __;__)
(1)
-1/2,-1/2
x = (/{1 + v )E JENtalv ] "7}
For the yield stress,
o Jo. = 0.5V (2+2/d)+ (1 -V) (2
yc' “ya w w
whete E_, E_ and E. are Young”s modull of the watrix, whisker and composite, respectively, V, is
the volime fractfon of whiskers, ¢ and 0  are the yield stresses of the matrix and composite,

respectively, and ¢/d is the whisk&F aspecxcraclo.

In the shear lag model of Fig. 1, there exists an uncertainty regarding the relation
between £/d and L/D which {s usually found from observations of SEM photos. In deriving Eq.
(1), we have used the same assumption as Kelly and Street (4), if.e., L = £. This assumption
would certainly induce errors in the analysis for the case of smaller whisker aspect ratios.

2. Eshelby Type Model
The original Eshelby model (6) is
[ ] | J based on the assumption that an ellipsoi-~
e dal inclusion with uniform non-elastic
' ' strain (eigenstrain) e* is embedded in an
b~ ————~ {nfinite elastic body. Eshelby (6) deriv-
L i | C— ] ed the formula to compute the stress field
induced in and around an inclusion and
also the assoclated strafa eaergy of this

system. Mori and Tanaka (7) modified the
(a) ori{ginal Eshelby model to account for the
{nteraction between inclusions. If we
apply the wodiffed Eshelby model to pre-
diction of the sti{ffness of an aligned
short fiber composite (Fig. 2), we must
first solve for unknown eigenstrain e* in
a representative fiber domain (Q) by using
the following equations (8,11,13,16):

+0=C - (e _+e+e)
AR ~ o~

b
L 2 g“‘"
le— 0 —of

L 20 w ~0
=C s (e, +e+e - et (3)
(b) ™ S0~ =~
FIG. 1 e=5-e* (4)
Shear lag model for an aligned short fiber
composite (a), and its unit cell (b). 9% " Sm * 2 (5)

where o, and e_ are the uniform stress and strain field, {gspectively. o and e are the stress
and sttafn dlzgrtbuted by the existence of a short fiber, € is the average disturbance of strain

96




VTR T W Y T O T T T O Y v W W TR ST T Y Y ~

Vol. 21, No. 3 MECHANICAL PROPERTIES OF COMPOSITE

in the matrix, e* is the unknown eigen-
strain with a non-zero value of § (e* (s

~ zero otherwise), C and C are the Selff-
, ’ ness tensors of the matcrix and fiber, re-
1 spectively, and S {s Eshelby”s tensor,

which is a function of the matrix
Poisson”s ratio and the whisker aspect
ratio. Then, the following equatioa for

55U OBR O BEX

X3 equivalency in strain energy 1is used to
9 obtaln the stiffness of the coamposite
o (16):
| - x, | 0

|-

1
7 2" S * 20" 7% &0t 7 Yo £*

L.Q-gf (6)

where C 1s the stiffness tensor of the
composige. By applying varfious far field
stresses g, we can compute the various

R
r-—-
i

cm stiffnessas of the composite (up to five
in the case of Fig. 2). For example, in
@ I l 1 the case of o, = (0, 0, a_, 0, 0, 0), the
' ’ Young~s modulus along the fiber axis (x3 -
o, axis in Fig., 2) E. can be obtained as,
n ~
> E/E = I/C1 +V (E fo dex )  (7)
E& [ w m.VO 33
FIG. 2 where e§ i{s to be computed from Eqs. (3)-
- Eshelby type model for aligned short (5) and ghe results are expressed in term
" fiber composites. of ¢ (oolE ) and <o is some numerical
. N valus, o
The above formulation (Eqs. (3)-(5)) can also be applied to the computation of the yield
i stress 1f one replaces e by e - e in Eq. (3), where e 1is the uniform plastic strain in the
¥ matrix (9-11). When the thermal Besidual stress is azgounted for fa the model to predict the
yleld stress (10,11), one must replace e by e = e =~ a* in Eq. (3) where a* i{s the amismatch
strain caused by the difference in coefficlents of thermal expansion (CTES) between the fiber
and the matrix. The yield stress of the composite can then be obtained by using the follcwing
:) energy balance equation:
4
S sU = - 6Q (8)

vhere 8U {s the change {n the total potentlal energy arising from the change in the plastic

! strain in the matrix, and §Q is the plastic work done i{n the matrix. The eigenstrain e* that Is
determined as described above is used to evaluate 6U and 6Q. The formula to predict the yield

stress is finally reduced to (17):

oyc - cloym + 2% 9)

);JJ

where ¢, is a non-dimensional parameter (the yleld stress ralser), <y is the work-hardealng rate
and e ls the plastic strain in the matrix along the fiber axis,

Numerical Results and Discussion

—

In order to compare these wodels, we have computed the stiffness (Ec) and the ylield stress
(0. ) of an aligned short whisker MMC by using Eqs. (1) and (2) (shear lag type model) and Egs.
(7¥%and (9) (Eshelby type model). The target short whisker MMCs are spherical SiC (SiC;) and
- S1C whisgkers (S1C_)/1100 Al matrix composites (18). The numerical results of Ec/Em based on the
shear lag type and Eshelby type models are plotted as dashed and solid curves, respectively, as
ti a function of whisker aspect ratio t/d in Fig. 3. The experimental results (18) are also
plotted as a circles in Fig. 3. The material constants used in this calculatfon are giveun in
Table 1. 1t can be seen in Fig. 3 that the stiffnesses predicted by the shear lag type model

-
)

-,

. are always less than those predicted by the Eshelby type model and that the shear lag model is a
) rather crude approximation for smaller t/d. A comparison with the experimental results reveals
-
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that the Eshelby type model gives 4 better prediction,

TABLE 1. i
Material data used to predict . and 9

<

'Ll}' Material Unit Al 1100 SiC Whisker
Y Coastants (Al 6061~T06)
-t
£ GPa 74, L83,
| 0.33 0. 17 =
p v : : V. Em Vi 1100 af MATRIX
)
- a 107%/¢ 23.6 4.3 // €SHELBY TYPE MAOCL (8!
/ —— ~ SHEAR-LAG TYPE MODEL (2)
by o MPa 35.2 -- 10—// O  EXPERIMENTAL RESLLTS (18)
by Y (357) y
- o7sl 1 i " U
- 1Q 15 20
Ve 1. 0.2 e
ﬁ It was assumed in the above models that short FIG. 3
- whiskers of the same size are aligned in a certain The ratin of wodulus of the composite
direction. However, in actual short whisker composites, to modulus of the matrix versus
some (sometimes most) of the short whiskers are mis- length to diameter rdtin of tibet,

oriented and also the length of short whiskers varies

because of the processing. The effect of the misoclentation and variable whisker aspect ratio
of short whiskers on the stiffness of the composite has cecently been studied by Takao and i
co-workers (19,20), who concluded that the use of the mean value of 2/d can give rise to

fan

= reasonably good prediction of the stiffness ualess the distcibution of variable whisker aspect
0 ratio {s too widely scatteced (20) and that the width (B) of the distributina of fiber mis-
ad orfentation angle (6) about the xq-axis (Fig. 2) has a strong effect on E_ for 8 » 10 degree

(19). Thus, more accurate data on the distribution of £/d and 9 is needed to beccer predlct the
- stiffness and other properties. The modified FEshelby model that we have developed to predict
4 the thermal and mechanical properties of composites (19,20) can accommodate such detailed
information. This {s another advantage of the Eshelby type model ia comparison to the siueir lag
type model.

Next we have computed the values of o /a based on Eqs. (2) and (9), the results of which
are plotted as dashed and solid curves, respectively in Fig. 4, where the closed circles denote
the experimental results for a specfilc SiCu/Al 6061-T6 composite (3) and the predicted valucs
based on the modified Eshelby model, with residual stress accounted for, are plotted as a dash-
dot curve. All predfctions are plotted as a funccion of ¢/d. In the range of small 2/4 the
Eshelby type model gives an accurate prediction, pacticularly at t/d = i, while the shear lag
model gives an underestimate. However, at lacger L/d”s, both models predict basfcally the same
order of composite tensile yield stress. 1In the same figure, our receat results for varlous
S1C,/Al composite systems are also plotted as open symbols. Though the Eshelby type model gives
reasonable predictions for the case of the To-treated composite (o), the stress prediction of
both models is low compared to the experimental tesults for most of the data (0,4 , 00 and A).
The poorest prediction occurs for the case of an annealed 1100 aluminum composite (o).

i

=

The experimental ¢ and o correspond to the stress at 0.2% offser, and ¢ is for a 0 V2
material produced (n chxcsame mXﬁner 4s the coapasite. The reasoa that bath of {Rese models are
not capable of predicting the observed strengthening, i{s that thesc models assume that the
* matrix has the same strength as {t has in the non-retnfocced coadition. In other words, these
models assume that the additlon of SiC does not change the stceagth of the matcix. It has becn
clearly shown that the dislocatfon density (n the S{C/Al composites {s much higher thaa (a the
non-reinforced Al (21,24).

[f the absolute magnitude of the {ncrease ¢  compared to o s considered, then the
appacent diffecences caused by the virious matrlxcalloys {5 much’less. The data shown {n Table
Il {ndlcates that &g (Ao = ¢ -0 ) {3 relatively independent of the composite matrix
. except for the T6-heat creecg§223§e.. yngzlack of a2 difference in A¢ occurs because the thermwal
stress developed upon conling (s very large compared to the yleld stress of the matrix (n the
annealed conditton, The dislocattons are generated fa the fnittal cool down whether the sanmple
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is furnace cooled or quenched prior to aging. Therefore, the increased density of dislocations
generated is for all practical purposes independent of the matrix.

Since the observed increase in the experimental o is much greater than is predicted by
the shear lag type model or the Eshelby type model, thd tncrease in o must be caused by the
increased dislocation density in the composite matrix, This tncrease”{n dislocatfon density is
the result of relaxation of a portion of the stresses developed upon cooling of the composite.
The stresses arise from the differences in coefficients of thermal expansion between the SiC and
Al. The effect of this thermal expansion mismatch strain (AaAT) has been considered in the
Eshelby model, with residual stress accounted for (dot-dot curve in Fig. 4) (11,17). However,
{n the model 4aAT s simulated by the equivalent surface dislocations (15) that are preseat at
the matrix-whisker {nterfaces. In reality, the surface dislocations are more like to relax by
punching (27), resulting in the localization of dislocations around a whisker.

TABLE 1T,
The Absolute Difference in Yield Strength (Ref. 23)

Matrix Reinforcement Heat Treatment a0 (MPa)

1100 20 VX whisker Annealed 104 to 145

6061 20 VX whisker Annealed 101

6061 20 VX whisker HT to T6 207

7091 20 VX whisker Annealed 131

If we now consider the proportional limit of 6 — — . T

the composite, an interesting correlation can be é
obtained. The proportional limits of the composites ° ——— ESHELBY TYPE MODEL(9
(22,25) are approximately equal to ¢ o This MODELS ‘”Sﬁwﬁg
correlation gives rise to two i{mportant points. st Q0,10 p
Flrst, the modulus (E.) that is predicted by the "o SHEAR Lag Tee
Eshelby type wodel, which {s in agreement with the
experimental data, {s for the initial portion of ® SiC/MI6061-T6 (3)
the stress-strain curve, i.e., for stresses up to ar O SIC,/A16061-T6 (22,23) A
the proportional limit. Therefore, the Eshelby type EXPERMENTS { O SiCq/Al (100 AMMEALED(22,23)
model does operate up to the proportional limit, and O SiCy /A1 6061 ANNEALED (22, 23)
the model predicts a very small increase in the pro- ™ 8 SIC /AL TO3 ANNEALED (22,23}
portional limit upon the addition of the reinforce- o [ 8 W

aent, again in agreeament with the experimental data,
Second, the increase in stress with strain in the
stress reglon from the proportional limit to o

is caused by an exhaustion phenomena. In thisYStress-
strain regfon, dislocation motion occurs in the lower
dislocation density reglons within the matrix. The
increase in stress between the proportional limit aad
the ¢ i{s not caused by work hardening, for there {s
no gefieral increase in dislocation density (26). After
tensile fracture of the composite sample there is an

increase in dislocation density in the region of the o n L 1
fracture, f.e,, within 100 um of the fracture surface. ! s e © *

The dislocation density in the remainder of the sample

is identical to that of the undeformed sample. How- FIG. &

ever, only limited deformatfon can occur, because of The ratfo of the yield stress composite
the small volume of matrix. In order to have macra- to matrix versus length to diameter

deforaation, {.e., to reach 0.2 offset strain, addi- ratio of fiber. For 20 VX SicC.
tional dislocation motion must occur in the higher :

stress regions of the matrix which are often quite localized fn the specimen. Therefore, the
macroyielding of the composite is controlled by the inhomogeneous matrix which is a mixture of
the high-low dislocation regions.

Concluding Remarks

A comparison between the shear lag type and Eshelby type models was made in terms of their
capabilities of predicting the stiffness and yteld stress of a short fiber MMC. This has led to
the following concluding remarks:
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l. The shear lay type model underestimates the modulus, especially for small £/d values,
wheveas the Eshelby type model is in good agreement with experimental data.
For a specific To~treated SiC/Al compousite, the Eshelby type model gives good predictions of
the vield stress and the agreement with the experimental results {s excellent at ¢/d = 1,
whereas the shedr lag type model underestimates the yleld stress.
3. Both models, in general, predict a yield stress which {s much less than that experimentally
determined. This is caused by strengthening of the matrix by dislocation generation as a
result of differences in thermal coefficients of expansion. ’
The Eshelby type model can account for the stress-strain curve of the composite for stresses
up to the proportional limit.
5. The increase in stress between the proportional limit and the macroscopic yleld stress is
caused by an exhaustion process and not a work hardening mechanisn.
) 6. The Eshelby type model is also applicable to non-mechanical properties of a composite, such
as thermal conductivity, while the shear lag type model has been applied only to the
mechanical behavior.
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The Strength Differential and Bauschinger Effects in SiC—-Al Composites*
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ABSTRACT

An investigation was undertaken to deter-
mine the effect of an average elastic residual
stress on the strength differential and the
Bauschinger effects in SiC-Al alloy com-
posites. It was found that the compressive
yield stress of the composites was greater than
the tensile yield stress from whisker- and
platelet-reinforced composites but, for com-
posites containing spherical SiC reinforce-
ment, the compressive yield stress was slightly
less than the tensile yield stress, The experi-
mentally observed differences are in agreement
with the differences predicted by an analy-
tical theory. This analytical theory also pre-
dicts that the magnitude of the Bauschinger
effect will be greater for a test initially begun
in compression than for a test initially begun
in tension, and the experimental results are in
agreement with this prediction,

1. INTRODUCTION

Several years ago, there was a great deal of
interest in the strength differential effect
(SDE). The SDE is the difference in the yield
or flow stress 0. in compression with the yield
or flow stress g, in tension., Some of the first
theories proposed to explain the SDE include
the internal Bauschinger effect (BE), residual
stresses, microcracking, retained austenite,
and volume expansion due to plastic deforma-
tion. A critical review of these various theories
as well as a proposed theory of solute-disloca-
tion interactions have been included in the
paper by Hirth and Cohen [1].

Subsequently, Pampillo et al. {2] concluded
that the theory of Hirth and Cohen [1] could
not be used to explain the data and proposed
a theory based on the “effective modulus”.
Later, Spitzig and Richmond (3] conducted

0025 5416/87/83.50

several investigations and concluded that the
SDE is primarily a manifestation of the pres-
sure dependence of the flow stress. The maxi-
mum value of SDE predicted is small, for
metals, without being subjected to an external
hydrostatic pressure.

Recently, Arsenauit and Taya [4] have de-
veloped an analytical model which would
predict a SDE in metal matrix composites,
more specifically SiC in aluminum alloys. The
SDE would result from residual elastic stress
(in the matrix the average residual stress is in
tension) due to the difference in the thermal
expansion coefficients of the SiC and alumi-
num. Watt and Jain [§] also concluded that
residual stresses are the cause of the SDE.
Watt and Jain’s conclusion was obtained from
a consideration of data from a martensite-
ferrite steel.

The model developed by Arsenault and
Taya [4] is an analytical solution based on
Eshelby’s method [6]. The reinforcement is
treated as an ellipsoidal inclusion. The ellip-
soidal inclusion is a good approximation of
the whisker reinforcement. A sphere isa
special case of an ellipsoid; therefore, there is
no approximation concerning spherical re-
inforcement. For particulate reinforcement,
only qualitative predictions can be made
when using the Arsenault and Taya model.
The model would predict that the SDE
would be large (relative) for the whisker-
reinforced composites, smaller for the par-
ticulate-reinforced composites and zero for
spherically reinforced composites.

From the analytical and numerical results
obtained by Arsenault and Taya [4], it is
possible to obtain the following expression:

A0 = 0y — 0Oy

= KV,?3 1n(i)(&)m Ax AT 1)
f d/\E

m
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where 0. is the yield stress in compression,
Oy is the yield stress in tension, K is the ma-
terial constant (for discontinuous SiC in an
aluminum matrix, K = 42.7 X 10 MPa), V;
is the volume fraction of reinforcement, ! is
the length of the whisker, d is the diameter
of the whisker, E,, is the modulus of whisker,
E,, is the modulus of matrix, Aa = o, — 0,
(o, and q, are the coefficients of thermal
expansion of the whisker and matrix respec-
tively) and AT is the change in temperature
upon cooling. This expression is for the
specific case of a AT such that yielding, i.e.
no plastic deformation, does not occur within
the matrix on cooling. Therefore the yield
strength o0, of the matrix does not affect the
magnitude of Ag. If two different matrix
materials were considered and a given AT was
chosen such that no plastic deformatior:
occurred in the matrix in one and, in the
other, plastic deformation occurred for the
same AT. Then, it is obvious that the Ag
would be smaller for the composite in which
plastic deformation had occurred. The magni-
tude cannot be directly calculated from the
Arsenault and Taya model but, to a first
approximation, Ao would scale linearly with
a decrease in 0Oy,,. In other words, if AT was
chosen such that the residual stress is slightly
less than necessary to cause yielding in the
matrix of the first composite, and the matrix
of the second composite had a yield stress
half that of the first, then Ao of the second
composite would be half that of the first
composite.

As mentioned above, the BE was a possible
explanation of the SDE. More than a century
ago, Bauschinger reported that a small per-
manent strain reduced the elastic limit for
reversed stressing. From then on, the BE has
been defined in several different ways. Most
investigators have chosen to define the BE in
terms of a reduction in initial flow stress or
yield stress for reverse deformation, while
others preferred a more general definition,
such as ‘‘a certain dependence of the flow
stress and rate of work hardening on the
strain history™, or they simply referred to the
existence of different stress-strain curves by
loading in the reverse direction. Figure 1
shows schematic representations of a test to

measure the BE for two different types of BE.

The number of models or theories that
have been developed to explain the BE is

[
-
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b '/
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Fig. 1. A schematic plot of absolute stress uvs. total
strain for a Bauschinger test (a) when there is no
permanent softening (Bauschinger stress factor,
(0¢— 0.)/0y) and (b) when permanent softening has
occurred (Bauschinger stress factor, Agg): ~- -, re-
loading, i.e. sample tested initially and then retested

in the same direction; — - —, reverse loading, i.e. direc-

tion of loading reversed; €g, Bauschinger strain case.

almost equal to the number of investigators
of the BE. However, all these models can be
related to two dislocation mechanisms. The
first mechanism is implied in Seeger’s work-
hardening theory. The long-range internal
stress, often called the back stress, which is
created by dislocation pile-up at barriers aids
dislocation movement and causes a decrease
in initial flow stress during reverse loading.
The other mechanism is related to Orowan’s
idea of a directional resistance of dislocation
motion due to prestraining. The forward
motion of dislocations becomes more diffi-
cult because there are an increasing number
of stronger barriers ahead of the dislocations
as the material work hardens. The barriers
behind the dislocations are believed to be
weaker and more sparsely spaced than those
immediately in front. Thus the stress needed
to push the dislocations backward is lower.
Pedersen et al. [7] have proposed a “com-
posite model” for the BE and obtained the
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following expression for Bauschinger strain

2
uVyy 2)

where g, is the flow stress at the end of the
forward strain €g, 0, is the initial yield stress,

u is the shear modulus, Vi is the volume frac- |

tion of the reinforcement and « is Eshelby’s
accommodation factor which depends on the
aspect ratio of the reinforcement.

The model of Arsenault and Taya [4] can
be extended to a consideration of the BE.
This model predicts that there would be a
difference in the magnitude of the BE depen-
ding on the direction of initial loading. If
initially the sample was tested in tension and
then followed by compression, a smaller BE
would result than if the sample was initially
tested in compression and then followed by
tension. The difference in the BE depending
on the initial mode of testing would depend
on the shape of the reinforcement. The differ-
ence in the predicted BE would be largest
for whisker reinforcement and zero for spher-
ical reinforcement. In the other theories and
models that have been put forward to predict
the magnitude of the BE, the direction of
initial loading is irrelevant.

The present investigation was undertaken
to determine the magnitude of the SDE and
the BE in discontinuous SiC-Al composites
and to relate these results to the current
theories.

2. MATERIALS

The materials used in this investigation con-
sisted of high purity aluminum (designated
HP), a wrought aluminum alloy (6061) (desig-
nated WR) and several different SiC-Al alloy
composites. The specifics of these materials
are given in Table 1. The SiC-whisker-rein-
forced composite was purchased from ARCO
Silag, together with the spherically reinforced
composite (diameter of SiC spheres, 0.5 um).
This material was supplied in the form of
extruded rods 12.5 mm in diameter. For the
whisker-reinforced composite, approximately
95% of whiskers were aligned with the rod
axis. Also, a 12.5 mm extruded rod was pur-
chased from ARCO Silag which contained
0 vol.% SiC. This rod was made in the same
manner as the rods containing the spherical
SiC and the whisker SiC. This material is
designated as 0 vol.% SiC,, (where SiC,. de-
notes SiC whiskers). SiC-particulate-reinforced
composites were purchased from DWA Com-
posite Specialties and supplied in the form
of as-pressed plate. The particulate SiC has
the general shape of platelets, and the plate-
lets are preferentially aligned with the plate
parallel to the axis of the sample. Again the
0 vol.% SiC, (where SiC, denotes SiC particu-
lates) was produced in the same manner as
the composites containing 20 vol.% SiC,.

The commercially extruded 12.5 mm rod
of aluminum alloy 6061, which was defined
as WR, was purchased from ALCOA. ALCOA

TABLE 1
Materials
Designation Material Volume fraction Form of SiC

of SiC (vol.%)
HP (high purity) 99.99% Al
WR (wrought) Al alloy 6061
Whisker composite Al alloy 6061 0.0
Whisker composite Alalloy 6061 5.0 Whisker, I/d =~ 2
Whisker composite Al alloy 6061 20 Whisker, l/d ~ 2
Whisker composite Al alloy 1100 20 Whisker, I/d ~ 3
Spherical composite Al alloy 1100 20 Spherical, diameter of 0.5 um
Particulate Al alloy 6061 0
Particulate Al alloy 6061 5 Platelets, D/t =~ 4
Particulate Al alloy 6061 20 Platelets, Dft ~ 4

{, length of whisker; d (~ 0.5 um), diameter of whisker; D, diameter of particulate platelet; t (~ 1 um), thickness
of particulate platelet.
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also presented a gift of 2 12.5 mm extruded
rod of 99.99% Al.

Test samples were machined from the ex-
truded rod or the pressed plate into the con-
figuration shown in Fig. 2. After the samples
had been machined, they were annealed,
quenched or heat treated in the following
manner: annealed, 12 h at 810 K and then
furnace cooled over a 12 h period; quenched,
3h at 810 K and then quenched into water at
273 K; heat treated to T6 condition, 3h at
810 K and then quenched into water at
273 K, followed immediately by 8 h at 450 K;
liquid nitrogen quenched, following a water
quench or heat treatment to T6 quench,
quenched into liquid nitrogen.

3. TESTING PROCEDURE

Initially, cylindrically shaped compression
samples with an aspect ratio of 2 and 3 were
tested, using a technique, which has been
developed previously [8]. The tensile testing
was undertaken with a sample configuration
described elsewhere [9]. However, this methed,

L—!Ol ' 381 $ 384

9 40 DIA (TYP)
6.35 DIA (TYP)

953 R (TYP)
4AT6 RITYP)

381

V-GROOVE 0.25
DEEP (TYP)

/72-13
THREAD (TYP)

Fig. 2. A diagram of the single sample configuration
which was used for both tension and compression
testing (for strength differential effect tests) and re-
verse loading testing (for Bauschinger effect tests)
(sll dimensions are in millimeters): DIA, diameter;
R, radius; TYP, typical.

i.e. two different sample configurations, could
not be easily used for the BE tests. These
sample configurations were discarded in favor
of the single configuration for both tensile
and compression testing. The compressive
strengths obtained from the cylindrical com-
pression samples were almost identical with
those obtained from the single-sample-config-
uration tests, i.e. the configuration shown in
Fig. 2. All the data reported in this paper is
from the sample configuration shown in

Fig. 2.

Most of the testing was performed with an
Instron testing machine (some tests were per-
formed with an M/B servohydraulic machine)
with the gripping apparatus shown in Fig. 3.
The purpose of this grip arrangement was to
ensure that very good alignment was obtained;
the maximum misalignment was 1.4 X1072°,
This maximum misalignment would result in
a surface tensile or compressive stress because
of a bending of 0.2% of the applied com-
pressive stress.

Since the lower end of the sample was im-
mersed in the Woods metal, there could be a
slight temperature rise (of about 50 K) in the
gauge portion of the sample. This was pre-
vented by placing a moistened paper towel
around the gauge section of the sample during
the insertion of the sample into the molten
Woods metal and while solidification was
taking place.

UPPER HOLDER

SAMPLE

LOWER HOLDER
8 ‘
N- A s WOO0S WMETAL
: } PN
N Lm_' ;: WOODS METAL CONTAINER
. COOLING COuS

, /// /Lc.m.o

Fig. 3. A schematic representation of the testing
apparatus which was used to ensure very good align-
ment of the sample in both tension and compression.
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The effective gauge length of the samples
was determined by gluing strain gauges on
the center poition of the sample and compar-
ing the results obtained from a clip-on exten-
someter which was mounted into the V-
grooves. If the extensometer is mounted
directly onto the uniform gauge section, there
is a high probability that the sample will frac-
ture where the knife edge of the extensometer
makes contact with the sample. Several tests |
in the low stress range were conducted using
both the extensometer and the strain gauge;
from these tests the effective gauge length was
determined. Subsequent tests were conducted
using only the extensometer.

In Fig. 2, there are two gauge lengths
shown. It was determined that this difference
in gauge length had a very small effect (less
than 10%) on the results obtained. The yield
stress was defined as the stress at a 0.2% off{-
set strain. The choice of 0.2% offset strain to
define the yield stress was chosen to conform
with data previously generated, and 0.2%
offset strain is a widely accepted choice for
defining the strains at the yield stress.

Initially, several different strain rates were
used in the testing, from 5X107%to 5X 1073
s! and, as expected, only small differences
were observed. All data reported in this paper
were obtained at the strain rate of 5X1074s™,

4. EXPERIMENTAL RESULTS

The experimental results are divided into
two parts: the SDE, i.e. the difference in com-
pressive and tensile yield stresses, and the BE.
Approximately 200 samples were tested in
the generation of the experimental results. In
the plots, only data points are shown; error
bars were not placed on the plots, because the !
plots would become too confusing. In the
case where there is only one data point for a
given condition, then the scatter in the data
was very small from at least three tests of that
condition. If there are two data points for a
given condition, then these two points cover
the range of the scatter, and in all cases the
average was at the midpoint between the two
data points.

4.1. Strength differential effect
The shapes of the stress-strain curves ob-
tained from the same material, whether tested
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Fig. 4. Tvpical plots of the absolute stress vs. the
total strain (a) for the annealed 0 vol.% SiC;, com-
posite, (b) for the annealed 5 vol.% SiC,, composite
and (c) for the annealed 20 vol.% SiC,, composite:
(matrix, aluminum alloy 6061): ——, sample tested
in tension; - - -, another sample tested in com-
pression; ——, yield stress.

in compression or tension, were very similar;
however, in most cases the compression test
resulted in overall higher values of stress at a
given strain. The examples given in Fig. 4 are
typical of the results obtained. These curves
were obtained from annealed matrix alumi-
num alloy 6061 with 0 vol.% SiC,, 5 vol.%
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SiC,; and 20 vol.% SiC,,. However, when the
stress-strain curves of SiC whisker composites
were examined in detail at small strains, there
were differences between the tensile and com-
pressive test results. The extent of the linear
region, i.e. the proportional limit, is higher
for a compressive test than for a tensile test,
as shown in Fig. 5. This difference was readily
detectable in both the aluminum alloy 6061
and the aluminum alloy 1100 matrix com-
posites containing whisker SiC reinforcement.
The difference was greater for the 20 vol. %
SiC,. composite than for the 5 vol.% SiC,,
composite. For the particulate-reinforced
composite, the difference in the proportional
limit between tension and compression was
not consistent, i.¢. the proportional limit in
most cases was approximately the same for
tension as for compression. If only the pro-
portional limit in tension is considered for all
SiC composites, then there is a good correla-
tion between the proportional limit of the
composite and yield strength of the compar-
able matrix material [9]. In other words, the
yield stress of age-hardened (T6) aluminum
alloy 6061 is within 10% of the proportional
limit of 20vol.%SiC,-aluminum alloy 6061
composite in the age-hardened (T6) condi-

225+

200+ <

175 7

3
T
N

Pa

§ 25 /-
2 100} /

75r —f

[e] i L i i Fe 1 ! 4
[ S 0 15 20 25 30 35 40 (x10°%)

Fig. 5. A plot of the absolute stress us. total strain
showing an expanded region for small strains for both
tension (—) and compression (- - - ) testing of
annealed 20 vol.% SiCy, composite samples (matrix,
aluminum alloy 1100): , proportional limit.

tion. Similarly the proportional limit of the
20vol.%SiCs-aluminum alloy 1100 composite
(where SiC, denotes SiC spheres) in the an-
nealed condition is approximately equal to
the yield stress of annealed aluminum alloy
1100. Another point should be made; the
yield stress of the powder metallurgical prod-
uct which has been designated as 0 vol.% SiC,,
and 0 vol.% SiC, is within +10% of the yield
stress of the wrought alloys when tested in
the same condition (e.g. comparing annealed
powder metallurgical alloy with annealed
wrought alloy).

There are several different methods of
quantitatively describing the SDE. The abso-
lute magnitude of the SDE was defined as
Ag, which is 0, — 0y,. The magnitude of the
SDE can also be expressed in terms of a per-
centage

2(0,.—0,
SDE:MXIOO (3)
Ovc.t 0y

The remainder of the discussion of the
experimental results of the SDE will be
divided into three parts: (1) aluminum alloy
6061 matrix with SiC whisker reinforcement,
(2) aluminum alloy 6061 matrix with SiC
particulate reinforcement and (3) aluminum
alloy 1100 with spherical and whisker SiC
reinforcement.

4.1.1. Aluminum alloy 6061 matrix with

SiC whisker reinforcement

The data obtained for matrices of various
aluminum alloy 6061 materials as a function
of the volume fraction of SiC whiskers as well
as wrought commercial aluminum alloy 6061
(WR) and 99.99% Al (HP) are plotted in
Fig. 6. For HP there was no difference be-
tween the compressive and tensile yield stress,
as expected. It was assumed that there would
be no difference between wrought aluminum
alloy 6061 and the 0 vol.% SiC,,-aluminum
alloy 6061, since there is no difference in the
yield stresses. However, for the heat-treated
wrought aluminum alloy 6061, there was a
difference between the compressive and ten-
sile yield stress whereas, in the 0vol.%SiC,,-
aluminum alloy 6061, there was no difference
between the compressive and tensile yield
stress. Also, there were no differences be-
tween the compressive and tensile yield
stresses for the Ovol.%SiC,.-~aluminum alloy
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Fig. 6. A plot of the difference between the com-
pressive yield stress and the tensile yield stress for
various volume fractions of whisker composite
materials (matrix, aluminum alloy 6061): 0, annealed;
0, quenched; &, heat treated to T6 condition. Also
plotted is the difference in yield stress for high purity
aluminum and wrought aluminum alloy 6061.

6061, the quenched samples and the an-
nealed samples.

The effect of increasing the volume frac-
tion of SiC whiskers was to increase the mag-
nitude of the difference between g, and
dy¢. For all three conditions, i.e. annealed,
quenched and heat treated to T6, as the
volume fraction of SiC whiskers increases,
the magnitude of Ag increases. However, the
relative increase is not consistent. In other
words, for the 5 vol.% SiC,, composite, the
quenched condition results in a larger Ag,
but for the 20 vol.% SiC,, composite the
annealed condition results in the largest Ag.
1f the SDE is considered as a percentage, then
for the 20 vol.% SiC,, composite in the an-
nealed condition the SDE is equal to about
12%, which results in about the same value
of SDE as 14% martensite in ferritic steel [5].

For samples that were quenched or heat
treated, there was also an increase in the mag-

h."' = - .. -
(7 :
A .c.‘l At X N )
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HP WR OV%A 5SV% 20V%

Fig. 7. A plot of the difference in yield stress for
various volume fractions of particulate composite
materials: (matrix, aluminum alloy 6061): ©, an-
nealed; 0, quenched; 4, heat treated to T6 condition;
#, liquid nitrogen quenched; A, heat treated to T6
condition and liquid nitrogen quenched. Also, the
difference in yield stress for high purity aluminum
and wrought aluminum alloy 6061.

nitude of Ag with increasing volume fraction
of SiC whiskers. The data obtained from
samples which were annealed, quenched and
heat treated did not exhibit any consistent
trait, e.g. the quenched samples did not con-
sistently produce a larger value of Aa. The
data indicated that the condition, i.e. annealed
vs. quenched or heated vs. quenched, had very
little effect on the magnitude of Ao.

4.1.2. Aluminum alloy 6061 matrix with

SiC particulate reinforcement

Particulate SiC in an aluminum alloy 6061
matrix had the same general trends as those of
the whisker composite samples. That is, as the
volume fraction of particulate increases, so
does Ao, but there are differences as plotted
in Fig. 7. The data for HP and WR are the
same as those plotted in Fig. 6 and are plotted
here for the purpose of comparison. The data
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from the particulate composites do not follow
i any uniform trend. There is not a uniform

increase in Ag with increasing volume fraction
of SiC particulates, e.g. there is very little
difference between the 0 and 5 vol.% SiC,,
composites. For the quenched 20 vol.% SiC,,

R
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annealed 20 vol.% SiC, composite, whereas

was slightly larger than Ao for the quenched
) 20 vol.% SiC,. composite. When the 20 vol.%

& SiC, composite was subjected to a liquid
nitrogen quench after a water quench, a much
smaller difference between o, and o, re-

! sulted. The water quench only resulted in a

e Oy.— 0y value of 70 MPa, whereas the liquid
nitrogen quench after a water quench resulted

e ina g,.— o0y, value of 8 MPa. If the difference
k} between o, and oy, is initially small, e.g. for

a heat-treated 5 vol.% SiC, composite, then
the effect of the subsequent liquid nitrogen
w7 quench was minimal, as expected.

4.1.3. Aluminum-alloy 1100 matrix with
. spherical and whisker reinforcement
ﬁ For the aluminum alloy matrix, the volume
fraction was held constant at 20 vol.% and the
v, morphology of the SiC was changed from
whisker to spherical SiC 0.5 um in diameter.
From a comparison of the data in Table 2
with that in Fig. 6, it is obvious that the dif-
! ference between o, . and oy, is larger for the
aluminum alloy 6061 matrix, by a factor of
about 2 for the 20 vol.% SiC,, composite. In

composite, Ag is much larger than A¢ for the !

Ag for the annealed 20 vol.% SiC,. composite :

:4::’ Table 2, it is possible to compare the effect
N of different reinforcement morphologies.
The theoretical prediction is that Ac should

g be zero for the spherical SiC case and a large
Iy positive value for the whisker case. The ex-

) perimental data (Table 2) indicate that Ag

. is negative for the spherical SiC morphology,
::I i.e. Oy'>0yc.
o
3 TABLE 2
e Difference Ad (= 0y — 0Oy ) in the yield stresses
. Matrix Condition Volume Ao
5 fraction  (MPa)

(vol.%)

> Al alloy 1100 Annealed 0 3.80
- Al alloy 1100 Annealed 20 SiC,, 42,92
v’ Al alloy 1100 Annealed 20 SiC, —15.46
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4.2. Bauschinger effect

Before discussing the experimental results
obtained from the BE investigation, we shall
briefly define the parameters that were used
to measure the magnitude of the BE. Figure
1 shows schematic representations of Bausch-
inger tests. The Bauschinger strain €g, which
is used as a measure of the BE when the flow
stress in the reverse direction, becomes equal
to the flow stress at the end of the forward
strain (Fig. 1(a}). The curves obtained from
tests conducted first in tension followed by
compression are very similar to the curve in
Fig. 1(a). If there is permanent softening on
reverse loading, then the difference between
the projected flow stress in the forward direc-
tion minus the maximum flow stress in the
reverse direction (this difference is defined
as the Bauschinger stress} is used to define the
magnitude of the BE (Fig. 1(b)). Thisisa
typical result for tension first, followed by
compression. It is possible that the stress-
strain curves may have a complicated shape
when a second phase is present [10].

The stress-strain curves on reverse loading
did not have any unusual shape change; their
shapes are as shown in Fig. 4. Therefore the
model proposed by Asaro [11], based on
strong precipitates as the cause of compli-
cated shape, cannot apply to SiC-Al com-
posites, even though SiC is equivalent to very
strony precipitates. Ideally, it would have
been useful to determine the effect of strain
on the BE. However, this could only be ac-
complished for the lower volume fractions
of SiC. At higher volume fractions of SiC, the
maximum strain that could be used consist-
ently was a plastic strain of 1.5%. Therefore,
this was the strain that was chosen as the
forward strain for all tests that are reported
here. Some results were obtained as a func-
tion of strain, and these were compatible with
the previous results, i.e. the BE increased with
forward strain.

The BE (Fig. 8) for the 0, 5 and 20 vol.%
SiC,, composite material is higher than that
of the HP and WR materials when initially
tested in tension. From a consideration of the
data, there is no obvious trend with respect
to heat treatment.

If we now consider the case where the
initial test was conducted in compression
first, then the magnitude of the BE is signifi-
cantly increased. If the BE strain is plotted
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Fig. 8. A plot of the Bauschinger strain us. the
volume fraction of whiskers in a composite material
(matrix, aluminum alloy 6061; € =1.5%): O, annealed;
D, quenched; &, heat treated to T6 condition. In this
case, the tests were initially conducted in tension.
Also plotted is the Bauschinger strain for high purity
aluminum and wrought aluminum alloy 6061.

(Fig. 9), then the BE strain increases from 1%
to 2% to infinity for the 5 and 20 vol.% SiC,,
composites. In Fig. 10 are plotted the BE
stress value and the BE strain for tests initially
conducted in compression. As can be seen,
there is somewhat of a general increase in the
BE as the volume fraction of SiC increased.

A similar series of experiments was con-
ducted with particulate SiC-Al composites.
Figure 11 is a plot of data obtained from par-
ticulate SiC in an aluminum alloy 6061 ma-
trix for tests initially conducted in tension.
Similar to the results obtained for the whisker
material, there is no obvious increase in the
Bauschinger strain with an increase in volume
fraction of the particulate. Secondly, the
Bauschinger strain is about the same for the
20 vol.% SiC, material as for the wrought
aluminum alloy 6061 and, as before, the
Bauschinger strain of the HP material is less
than that of the 20 vol.% SiC, material. Again,
as for the whisker-reinforced composite ma-
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Fig. 9. A plot of the Bauschinger strain vs. the volume
fraction of whiskers in a composite with an aluminum
alloy 6061 matrix for both tension-first (0) and
compression-first (0) testing (ég =1.5%).

terial (Fig. 12), the magnitude of the BE in-
creased when the test was initially conducted
in compression. There is a general increase in
the BE as the volume fraction increases.

5. DISCUSSION

The discussion is divided into two parts:
in the first part the SDE is dealt with and in
the second part the BE is considered.

5.1. Strength differential effect

As mentioned in Section 1, most of the
theories developed to account for the SDE
(excluding the theories based on residual
stresses (4, 5]) are not capable of accounting
for the magnitude of the SDE in discontin-
uous SiC~Al composites. The model of Arsen-
ault and Taya [4] can be used to predict the
magnitude of the difference between the
compressive yield stress and the tensile yield
stress. Figure 13 is a plot of Ao vs. volume
fraction of whisker SiC in an aluminum alloy
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Fig. 10. A plot of the Bauschinger stress factor vs. the
volume fraction of whiskers in a composite material
and the Bauschinger strain uvs. volume fraction for
compression-first testing (matrix, aluminum alloy
6061, €x =1.5%): O, annealed; C, quenched; &, heat
treated to T6 condition; O, G, 4, left-hand ordinate
axis; O+, O, &~ right-hand ordinate axis. Also
plotted are the values obtained for high purity alumi-
num and wrought aluminum alloy 6061.

6061 matrix. The agreement between the
experimental results and the theoretical pre-
dictions is very good. If 20 vol.% SiC,, in an
aluminum alloy 1100 matrix is considered,
there are two competing efforts. The magni-
tude of Ao should increase with an increase in
l/d (eqn. (1)), for the average l/d in the alumi-
num alloy 1100 matrix is 2.76 vs. 1.8 in the
aluminum alloy 6061 matrix. However, the
yield stress of the aluminum alloy 6061 ma-
trix is greater than the yield stress of the
aluminum alloy 1100 matrix, and the magni-
tude of the yield stress of the matrix plays an
important role in determining the magnitude
of the residual stress. In fact, g, for the alumi-
num alloy 1100 matrix is so low that the
model (4] cannot properly handle the prob-
lem because significant localized plastic defor-
mation would occur, but it can be inferred
that Ao would be less for the aluminum alloy
1100 matrix composite than for the alumi-
num alloy 6061 matrix composite,
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Fig. 11. A plot of the Bauschinger strain vs. the
volume {raction of particulates in a composite
material for tension-first results (matrix, aluminum
alloy 6061; € =1.5%): O, annealed; O, quenched;

5, heat treated to Tg condition; s, liquid nitrogen
quenched; 4 heat treated to T¢g condition and liquid
nitrogen quenched. Also plotted are the results ob-
tained for high purity aluminum and wrought alumi-
num alloy 6061 material.

For the 20 vol.% SiC, composite, the model
of Arsenault and Taya [4] predicts zero Ao
but, surprisingly, Ao is slightly negative, i.e.
Oy is greater than o,..

The effect of quenching into water or heat
treatment does not consistently result in a
larger Ag. This indicates that the tensile resid-
ual stress in the quenched or heat-treated
samples are not significantly different from
that of the annealed samples. It has been
argued that the rate of dislocation generation,
i.e. plastic relaxation, is very rapid and the
magnitude of remaining elastic residual stress
is not dependent on the quench rate [12].
Quenching into liquid nitrogen followed by
testing at room temperature results in a reduc-
tion in Ag, If the sample is heated, i.e. from
room temperature to some higher tempera-
ture, there is a reduction in the magnitude of
the elastic residual stress. Therefore, heating
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Fig. 12. A plot of the Bauschinger stress factor and
Bauschinger strain for compression-first tests of a
particulate composite material (matrix, aluminum
alloy 6061:€p =1.5%): O, annealed; 0, quenched;

4, heat treated to Tg condition; &, liquid nitrogen
quenched; A, heat treated to Tg condition and liquid
nitrogen quenched; 0, O, &, A, left-hand ordinate axis;
C—, O—, &= right-hand ordinate axis. Also plotted
are the results obtained for high purity aluminum
and wrought aluminum alloy 6061.

from liquid nitrogen to room temperature
results in a reduction in the residual stress.

5.2. Bauschinger effect

SiC-Al composites should be an ideal ma-
terial for an investigation to test the validity
of the “‘composite’ theory of the BE (7]
This theory predicts that, for a given aspect
ratio of the reinforcement, an increase in the
volume fraction from 5 to 20 vol.% should
result in a decrease of a factor of 4 {4] in the
Bauschinger strain (eqn. (2)). Experimentally
the cpposite is observed, i.e. the Bauschinger
strain increases with an increase in the volume
fraction of reinforcement, for tests initially
begun in compression followed by tension.
If the tests were initially begun in tension
followed by compression, the BE is indepen-
dent of the volume fraction of the reinforce-
ment.

The “composite’ theory also predicts that
the magnitude of the BE is not a function of
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Fig. 13. A plot of the difference in yield strength

vs. the volume fraction of whiskers in a composite
material with an aluminum alloy 6061 matrix: ——,
theoretically predicted increase; C, experimental
results, annealed; O, experimental results, quenched;
4, experimental results, heat treated to Tg condition.

the initial direction of the test. In other
words, the BE should be the same if the test
is initially conducted in tension or compres-
sion. The model of Arsenault and Taya [4],
when considering whisker-reinforced com-
posites, as applied to the BE predicts that
there would be a difference in the magnitude
of BE depending on the direction of initial
testing, i.e. a larger BE if the sample is initially
tested in compression. Also, the model pre-
dicts that the magnitude of the BE should
increase with increasing volume fraction of
reinforcement. There is an assumption in the
application of the Arsenault-Taya [4] model
to the BE, and that is that plastic deformation
does not significantly reduce the elastic resid-
ual stress. The experimental evidence obtained
in this investigation suggests that this is a
valid assumption.

The predicted difference in the BE due to
the direction of the test is simply due to the
average elastic residual tensile stress. The flow
stress in tension is reduced because of the
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average tensile residual stress. The difference
in BE due to the direction of the test is not
related to a difference in dislocation config-
urations that may occur as a result of initially
testing in tension or compression.

6. CONCLUSIONS

The following experimental observations
are in good agreement with the Arsenault-
Taya theory, as discussed above.

(1) The compressive yield stress of whisker
and platelet SiC in aluminum composites is
larger than the tensile yield stress.

(2) The compressive yield stress of spheri-
cal SiC in aluminum composites is slightly less
than the tensile yield stress.

(3) The magnitude of the SDE increases
with increase in the volume fraction of SiC.

(4) The magnitude of the BE increases with
increase in the volume fraction of SiC.

(5) The magnitude of the BE is greater if
the test is initially conducted in compression,
and the difference increases, i.e. whether
tested In tension first or compression first,
with increasing volume fraction of SiC.
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The Strengthening of SiC/Al Composites due
to Differences in the Matrix and SiC
Morphology*

R. J. Arsenauit

Engineering Matenals Group, University of Marytand, College Park, MD 20742, US A

ABSTRACT

It has been proposed that the strengthening due to the addition of
spherical Si{C to an Al wmatrix would be approximately the same as the
strengthening observed due to the addition of whisker SIiC to au Al matrix.
The experimental results are in agreement with this proposal. A second
proposal was made, which was related to the intrinsic streungth of the matrix.
If the fatrinsic strength was greater than the fncremental increase in
strength due to the addition of S1C would be greater. 1In this case the
experimental data indicates that absolute magnitude of the tucrcmental
increase {s not a fuanction of the intrinsic strength of the matrix.

INTRODUCTION

Arsenault and Fisher (1) proposed that the fncreased streagth observed in
Al/S{C composites could be accounted for by a high dislocation density in the
aluminuam matrix, as observed in transmission electron microscopy (TEM) saaples
taken from bulk composite material annealed for as long as 12 hours at 810 K
(Fig. 1). 1In thie finvestigation a represeatation of at least three Burgers
vectors was found in any givea location. Also, it was observed that for
intecrmediate or small particle epacings a subgrain structure exi{sted with the
eubgrain diameter about equal to the inter-particle spacing. However, for
very large SiC particles (250 pm) the subgrain size {s much smaller than the
{ater-pacticle spacing (Fig. 2).

The dislocation generatfon mechanism proposed by Arsenault and Fisher to
account for this high dislocatfion density 1s based on the large difference
(10:1) in the coefficieants of thermal expaasfon of aluminum and SIC (2).
Therefore, when the composfite 16 cooled from the elevated teamperatures of
annealing or processing, misfit strains which are sufficient to generate
dislocatioas occur because of the differentfal thermal coatract{on at the
Al/S1C tnterface. 1In an {nvestigation of in situ HVEM, Vogelsang and et al.

* This rescarch was supported by the Offfice of Naval Resecarch under Coantract
No. NOQO14-85-K-0007.
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A microqraph {rom a TEM foil taken from a bulk sample with 20 vol.% SiC, which
was ann~aled for 12 hours at 810 K and furnace cooled. The right-hand side of
the micreoaraph is an SiC particle and to the left is the matrix material con-
tain'na = hinh dislocation density.
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) FIG. 2
R
s ;: A subgrain boundary in a composite with 250 um SiC particles in an aluminum
: alloy 1100 matrix about 2 um from an Si1C particle. A second subgrain boundary
{ was found some 2-7 um from the SiC particle, which {s the typical subgrain size
. in this materfal.
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(3 it was demoastrated the dislocatfon generation of about S1C particles upon

caalineg,

Sone ol the above models predicts the local dislocation density or the
averdapre dislocation deusity. Correspondingly, as they are not capable of
predicring dislocation densities, the predictions of arrangements of
At locations are cettalnly not possible from these theories.

A simple model was developed by Arsenault and Shi (4) based on prismaiic
runchiing with the following assumptions.

l. #Hoth SI{C aud aluminum were assumed to be clastically isotropic (which chey
cte mot) but the effect of anisotropy is small.
resolved shear stress required to move a dislocation {s very small.
¢ This is reasonable, for the dislocation motion occurs at relatively high
smperatures and thus low frictional stresses.)
i.  The S{C platelels are assumed to be parallelepiped particles.
+.  Priscatic punching is assumed to occur equally ou all faces of the

cartilcles. -

1o L

e ——— PUNCHED
~—" pISLOC.

FIG. 3

A schematic diagram of the particle and several prismatic punched
dislocations.

Figure 3 is a represeatation of the SiC particle, by varying the
dimension of t;, t; and tj it 1s possible to obtain a shape resembling a
whisker, a sphere or a platelet. The following equation was derived for the
dislocation density for equiaxed particles (spheres)

12A ¢ 1
Ps "B(1 - A) € (0
vhere A {6 the volume functfon of S1C, ¢ 1s the misfic strain due to differ-
ence in coefftclents of thermal expansfon, b i{s the Burgers vector and t {6
the diameter of the sphere, The following equation was derived for the
dislocation density for whisker SiC




LA

-

Al

PF

~r'8

Sy,

.

2

.
L
I,

_ BA ¢ 1
¢ TR - M L (2)
where B is a constant depending upon the aspect ratio, and t {s the diameter
of whisker. When coamparing dislocation densitles for different morphologiecs,
ft is necessary that the volume of particle has to remain constant along with
a coustant volume fraction of particles. Now i{f the aspect ratio of the
whisker ranges from 2 to 10 B is = 12.60 and 18.10 respectively. The
experimentally determined aspect ratio varies from 1.8 to 3. The dislocation
density as a function of the volume of the particle with different aspect

ratlos is shown in Fig. 4.
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FIG. &4

Calculated dislocation density (p) due to prismatic puaching as a function
volume of particle for whiskers of aspect ratios of 10, 2 and 1. The aspect
ratio of | corresponds to a cube or a sphere.

The dislocations produced as a result of punching in accordance with Fig.
3 have one set of Burgers vector of a single type along each side ({.e., at a
givea location) whereas experimentally three differeant groups of slip traces,
each of which represents one type of Burgers vector, are generally observed.
Thus, ideally puached dislocations seem unlikely to lead to the formation of
subgrain boundaries. As such, they represent a high energy configuration.
Therefore, additional dislocations may be generated to assist the production
of the low energy dislocation configuration of subgrain boundaries. These are
tn fact obscrved in bulk samples (Fig. 2) but not in in situ thermally cycled
TEM foils (3). In the course of the dislocation rearrangements leading to
subboundacies, additfonal dislocations may be formed, but more probably there
1s a net decrease in dislocation density p due to mutual dislocation annihila-
tion. Yet the density of dislocations produced as a result of this punching
model 1s a factor of 2 or 3 lower than that observed experimentally for the
small-size particles. It is suspected that for larger-sfize particles, the




:r.'l o

E ¥ |

=

K

model correspondingly underestimates the deasity.

Although the actual dislocation density and arrangements were not
obtained, 1t {8 possiblec to calculate a lower bound value for the streagth
{ncrease due to the dislocations formed through thermal strafns.

For the streagthening due to the presence of dislocatfons generated by
thte differential thermal contraction, the following equation may be used:

8o = aubp’? (3)

where Ao 18 the increase in tensile streangth, y 1s the shear modules of the
matti{x and a 1s a geometric constant. Hansen (5) obtained an a valuec of 1.25
for aluminum which we shall use.

Now, when Eq. (2) 1is substituted into Eq. (3), the following is obtained:

Be 1 2
80 = aubl (2 24V “)

where B {s equal to 12 for spheres and 12.60 for whiskers. Therefore,
whiskers should be slightly wmore effective in producing an increase in
strength,

However, it {s necessary to consider the residual elastic stress. The
model of Arsenault and Taya (6) predicts that there should be a tensile re-
sidual stress in the case of a whisker composite and average residual stress
for the spherical composite case should be zero. Therefore, the spherical
composite should have a higher tensile yleld stress as compared to the whisker
composite.

The net result of these two considerations 1is a canceling effect, and the
yleld stress of the whisker and the spherical composites should be approxi-
mately equal.

It has been proposed that a stronger matrix will result in a larger in-
crease in strength upon the addition of the reinforcement. The basic reason
for this difference in strengthening 1is due to the change in magnitude of the
dislocation deansity and of the tensile residual stress. For example, proposed
is the case of the 1100 Al matrix, there is a maximuam dislocation generation
due to the difference in coefficients of thermal expansion and a minimum
tensile residual stress, because the yleld stress of the 1100 matrix is much
less than the yield stress of the 7091 Al alloy wmatrix.

The purpose of this f{avestigation was to determine whether a difference
fn the morphology of SiC refaforcement had an effect on the yield strength of
the composite and to determine whether differeances {n matrix streagth had aay
major effect on the strengthening of the composite.

MATERIALS AND EXPERIMENTAL PROCEDURE

All of the composites used in this finvestigation were purchased from ARCO
Silag in the form of 12.5 mm extruded rods. For the investigation of SiC mor-
phology 1100 Al was chosen as the matrix, and for the investigation of matrix
strength, 6061 and 7091 were used. In the morphology studies the SiC were in
the form of 0.5 ym spheres in one case and whiskers (average t/d = 3) with a
diameter ranging from 0.1 to 0.5 pm. In the matrix studies, whisker S1iC was
used as the reinforcement.

The extruded rods were machined into tensile samples, the configuration
of the samples 18 defined elsewhere (7) and samples were then annealed for 12
hours at 803 K and furnace cooled over a 12 hour period of time.

The tensile testing procedure was the same as that used previously (7).
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EXPERIMENTAL RESULTS

In a comparison of the strengthening of SiC reinforcement in an Al alloy

miatrix, {t is necessary to make the'comparison with O VX composite alloy pro-
duced {n the same manner as the S1C reinforced composite. 1In Table I are
Ii{sted the yleld strengths of O VX, 20 VX spherical SiC and 20 VX whisker SiC
composites. Also listed is the extent of uniform plastic elongation.

The spherfical SiC cresults {n larger strengtheuing than the whisker S1C,

but the ductibility are about the same.

Table 1

Effect of Morphology of Strengthening

SiC SiC Yield Streagth Ultimate Tensile Strength Uniforam Elongation
VX Shape MPa MPa Cp' b4

0 34.38 10.80 19.0

20 spherical 204.1 271.52 4,2

20 whisker 183.23 312.0 5.2

A change fa the matrix has very litte effect on the absolute lacrease in

the yield stress as shown in Table [I. However, in terms of a percentage

increase,

in the case of 1100 Al matrix there {s a much larger increase, as

compared to 6061 and 7091.

Table II

Differences in Yield Stress for Different Matrices

Matrix Material Aoy* ZAcy
Aanealed MPa

1100 144.9 420

6061 100.5 181

7091 131.1 190

* - -
Acy oy20 vZi w 0y0 vl w

DISCUSSTON AND CONCLUSIONS

In the {ntroduction {t was mentioned that in considering the

strengthening of Al by S1C of diffetent morphologies, that there were

compensating factors vhen comparing spherical vs. whisker SiC.

From the

experimental data it appears that the effect of a tensile residual elastic
stress overcame the slight advantage whiskers have in generating a higher

dislocation density.

The data obtained from spherical SiC streagthened 1100 Al is in complete
disagreement with predicted strengthening of Nardone and Prewo (8).

They

predict a 20% increase in gtrength for spherical S$1C. The experimental
results indicate a 420X increase, a factor of 21 larger increase than what

they had predicted.
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In regards to intrinsic streagth of the matrix ofl the increase in
) strength due to the addition of the reinforcemeant, there appears to be very
i little effect when cousidered on an absolute basis. Therefore, the orfiginal
proposal {s not valid.
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DEFORMATION OF SIC/AL COMPOSITES*

Y. Flom and R. J. Arsenault
Engineering Materials Group
University of Maryland
College Park, MD 20742

ABSTRACT

The strengthening ‘of discontinuous SiC/Al composites has shown to be the
result of the high dislocation density in the Al matrix. This high dislo-
cation density is the result of the difference in thermal coefficients of
expansion between Al and SiC and the very strong bond between Al and SiC.

The fracture process in these composites is controlled by the degree of
plastic constraint of the matrix by SiC particulates. Low volume percent
composites exhibit ductile fracture controlled by void nucleation. In

composites with a high content of SiC (> 20%), void nucleation does uot
seem to be a controlling factor.

KEYWORDS

Composites; discontinuous; «coefficients of thermal expansion; bond
strength; void nucleation.

INTRODUCTION

Discontinuously reinforced metal matrix composites represent a group of
materials that combine strength and hardness of the reinforcing phase with
ductility and toughness of the matrix. Powder metallurgy (p/m) aluminum
alloys reinforced with SiC in particulate, platelet or whisker form are
receiving a great deal of attention from researchers and engineers. The
interest in Al/S1iC composites can be related to: (1) its high elastic
modulus, - high strength and light weight (Arsenault, 1984), (2) economic
production of SiC whiskers, platelets and/or particulates, (3) ability to
use standard shaping methods such as forging, rolling, extrusion, etc. and

(4) wuch less dependence of the engineering properties on directions
compare with continuous composites.

* This work was supported by the Office of Naval Research under Contract No.

NOOO14-85-C-00Q07,
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Flom and Arsenault

Our paper will review some aspects ot plastic deformation of Al/SiC com-
posites with emphasis on strengthening mechanisms, role of coefficient of
thermal expansion (CTE) and particle-matrix interfaces (PMI), fracture

process.

STRENGTHENING PHENOMENA

The experimental results of a number of investigations provide quite high
values for the yield strength 0 and ultimate strength ¢ of Al/SiC dis-
continuous composites (Table I) Predicted or calculate& values of ¢

based on a classical continuum mechanics model of a composite materlgi

by a factor of 4 1lower than that determined from the experiment
(Arsenault, 1984). What makes this discrepancy even worse is the fact
that several assumptions that are made in continuum mechanics approach do
not represent the situation in the real Al/SiC composite. These assump-—
tions are: (1) perfect alignment of the whiskers or platelets and (2)
void-free matrix (Piggott, 1980). Experimental observations show, how-
ever, that there is a significant number of voids present in the matrix
and also the alignment of the whiskers and/or platelets is far from being
perfect (Arsenault, 1984). A modified continuum mechayfcs approach has
been precposed for theoretical prediction of o and ¢ . It takes into
account the tensile load transfer from the magrlx to” the whisker and/or
particulates ends. An assumption is made that the presence of SiC does
not affect matrix behavior and one can use properties of the matrix and
the concept of the load transfer to predict the strength of the composite.
Calculated values for yield strength for the whisker and particulate 6061
Al/SiC composites were about 500 MPa and 450 MPa and observed yield
strength values were about 450 MPa for whisker and 420 MPa for particulate
composites (Nardone, 1986). However, there are several assumptions in
this formulation which are not valid (Taya, to be published).

TABLE I Mechanical Properties of SiC/Al Composites

Ultimate s

Composite Volume Yield Tensile Elastic Ductility Fracture
and Heat Fraction Strength, Strength, Modulus, o= _ég g, % Elong. Toughness,
Treatment of SiC, % MPa MPa GPa ! “ Kic MPa Vm
SiCp/6061 20 400-356 434-428 108 49 15

T6
SiCp/6061 25 345 410 99 4.4 15.8

T6
SiC./6061 20 470-321 607-423 106-103 5.4 3-22 22.4

T6
SiCpr2024 30 . 405 456 118 8

T6
SiC./2024 20 524455 117.97 1-2

T4
SiCpr1075 30 392 439 119 9

T6
SiC./7075 20 407 549 101 35

T6

Another possible explanation of the mechanism of Al/SiC strengthening is
based on the Orowan theory which enables one to estimate the stress re-

quired for dislocation to bypass the particle. Particle separation is a
major parameter controlling this stress. Taking the average particle

spacing of 2 ym yields about a 5 MPa increase in composite strengtih which

{s obviously too small compared with a 60 to 110 MPa increase observed
experimentally, Yet another approach is based on the increase of the dis-
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location density in the Al alloy matrix. It was shown that the streugth
of the thermomechanically treated 6061 Al alloy can be as high as 400 MPa
(Rack, 1977). If this value is used for calculation of the theoretical
strength of the composite than calculated o agrees well with experi-

mental results. The increase of the dlslocatlon density in Al matrix in
Al/SiC composite was attributed to the relaxation of the misfit strain
between SiC particles and the wmatrix. This misfit strain arises from the
difference between CTE of SiC and that of Al (of about a factor of 10) on
cooling down from the annealing or processing temperature (Arsenault,

1984). Transmission electron microscopy (TEM) investigations of these
comBOSLte materials do indeed reveal a high dislocation density (10
cm and small subgrain size (1.0 - 2.5 um)(Vogelsang, 1986). The

followlng expression was proposed for the increase of the yield strength
above that of 0 VZ matrix (1100 Al),

= Ao + Ao +
Aoyc A Disl & Sg oComp (1)
where Ag is is the term due to dislocation density increase, ¢ is the
increase 1n strength due to the small subgrain size, and ¢ he in-

crease due to continuum mechanics strengthening. The eva&uaglon of these
terms results in a value of about 130 MPa for ¢ uts whereas experimental

values is about 138 MPa.

ROLE OF CTE

In the course of studying plastic deformation of two-phase alloys it was
observed that second phase particles can act as a dislocation source when
a material is cooled from an elevated temperature or is deformed. Recent
observations of the 1local plastic deformation around SiC particles in
Al/SiC composites subjected to the thermal cycle showed that the size of
the plastically deformed zone around the particle is ~ [.5 particle radii
(Flom, 1985). It is interesting to mention that plastic deformation,
i.e., formations of the slip bands about the SiC particle was observed
also on heating from room temperature. Subsequent in-situ high voltage TEM
investigations of Al/SiC thin foils showed dislocation generation on
heating (Vogelsang, 1986) which
—t— corresponds to the observation of
/, the slip bands. A simple model,
/ — based on prismatic punching,
T =2 (Figure 1) was developed to
7 account for the relative disloca-
tion density due to the differ-
’ T ence in CTE (Arsenault, 1986).

Dislocation density in the matrix
's was found to be:

L

B Ae 1
ARV / p={m}'{, (2)

where B is a geometric comstant
X : L pumento which varies theoretically be-
tween 4 for whiskers and 12 for
equiaxed particles, A is the
volume fraction of particles, b

Fig. 1. A schematic representation is the length of Burger”s vector,
of prismatic punching about t is the smallest dimension of
a parallelepiped shaped SiC particle, and finally ¢ 1is the
particle. misfit strain due to difference
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e = (ACTE) x AT . (3)

The eoxpression (2) implies that for the same volume fraction smaller
particles will produce higher dislocation densities (Figure 2).

Several investigations were conducted in order to evaluate the residual
.thermal stresses in Al/SiC composite. An x-ray diffraction technique was
used for experimental evaluation of the residual stresses. It was found
that residual stress state in the composite was tensile ranging {rom S5
MPa to 407 MPa (Table I1) (Arsenault, 1985). Theoretical analysis of .
thermal stresses was based on Eshelby”s equivalent inclusion model.
Ellipsoidal aligned whiskers in the infinite body were considered and

Fig. 2. Calculated
—— dislocation
PLATELET density (p)
a T, WrisKeR due to pris-—
matic punch-
ing as a
function of -
ninimum .
particle w
thickness N
b

[+
70(1 I()I )

pim Y

(t), for
both whisk~-
ers and £
platelet of :
the same "
volume frac-—
tion A

25 according to
toun (pm) Eq. 2.

= ——
e S,

s

H TABLE 11 The Thermal Residual Stresses
» (Tensile) as Measured by X-ray Defraction
Techniques, v
Material Longitudinal Transverse :
MPa MPa R
0 VZ Whisker SiC 0.0 0.0 .

rr_ =

6061 Matrix

5 VX Whisker SicC 34.5 407
6061 Matrix

20 VZ Whisker SiC 55.2 228 .
6061 Matrix -

5 _Ir_ .
9

-
~
m

Wrought 0.0 0.0

v 0005 ;"}
f 2
z
, . .
h ZZ Fig. 3. Schenmatic Distribution of the )

stress in the matrix and the re-
inforcement due to the differ- r
ence In thermal coefficient of }
expansion between the SiC and Al. ’
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mechantical properties ot anunealed 6061 Al matrix and 51C whisker with

” . : :

- aspect ratio L/d = 1.8 (lenygth-to-diameter ratio) were used tor the
. . . . . . . . .

.. calculations. Resultant stress distribution is shown in Figure 3, In

addition, the difference in the vield strength on between teansion and
compression resulting from the thermal residual stresses, was determined
experimentally and calculated theoretically using the model cited above.
Very good agreement was obtained between the experimental and theoretical
results (Arsenault, 1985) (Figure &4).

o™
N
" . SiC/Al INTERFACES
<
q “‘P"'» ° $;:°,,MNR‘K 606t It is probably not an exaggeration
- to say that the interfaces play the
i most important role in the behavior
< oo of a composite.
& [
r An interesting phenomena associated
F with SiC-Al interfaces was reported
!! - recently in the course of fracture
- 5o b surface anglysis performed in
| scanning Auger electron microscope
- ‘ (Arsenault, 1984). Both SiC,/6061
& I o Al and SiC,/2124 Al materials were
[ fractured in-situ and composition
iﬂ r . analysis were performed on individ-
'y o o — &;‘ v‘ ual whiskers exposed on the surface
‘ (Figure 5). In most cases S1 or C

could not be detected on the whisk-
ers. Detection of S1 and C was

[

Fig. 4. The difference in yield possible only after considerable
stress between compression ion sputtering. This means that
o and tension as a function "pulled out" whiskers are coated
o~ of volume percent silicon with an Al layer which is the in-
) carbide whisker. dication of a good SiC/Al bond.

Also an anomoalous diffusion of Al
into SiC was observed (Figure 6).

Fig. 5. A SEM

o micro-
graph
L taken in
D the Auger
- microprobe
. of the
:; fracture
'J Lo . surface of
5’5;\lx . a whisker
o ~ e SiC/Al
A _ ‘ » composite.
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FRACTURE

Ductility and tracture toughness ot 51C/Al composites are quite low and
require an intensive study in order to reach a compromise between two

extrenmes: very strong and brittle composite on one hand, and weak,

ductile one on the other. As of now this couwpromise has not been reached.

Fig. 6. A SEM micro-
graph taken in
the Auger
microprobe, on
which the Al
and Si Auger
probe traces
have been
superimposed.

Generally, the observation of the fracture surface of SiC/Al composites

does not rteveal the presence of SiC particulates and/or whiskers in the

quantities corresponding to their volume fraction. The following features

should be mentioned specifically (Arsenault, to be published):

l. There appears to be fracture initiation sites.

2. Fracture has a macroscopically brittle characteristic, but on the
microscale it is ductile, i.e., has a dimple morphology.

3. There 1is no indication of fracture of SiC (if SiC 1is less than
10 um is size),

4, Some sccondary cracking takes place (cracks are formed perpendicular
to the fracture surfaces).

The fracture process 1is very localized and occurs without warning, i.e.,

no apparent necking is observed.

[t seems that the following fracture initiation sites can be identified;
one 1is the large intermetallic (Fe, Cr)j SiAl, inclusions termed "fish
eyes'" (Fig. 7a), second 1is clusters of SiC whiskers or particulates (Fig.
7b), third is the voids initiated at the S{C whiskers or particulates and
fourth large '"chuncks" of SiC > 10 uym (Fig. 7c¢).

It is generally accepted that a ductile fracture in the presence of a
second-phase particles occurs by i) nucleation of voids at the particles,
it) growth of these voids and {i{i) their linkage which manifestates the
actual physical separation. In $SiC/Al composites, the fracture process
depends on the content of SiC particles and/or whiskers. Void nucleation
is a signiticant factor when the volume percent ot SiC is low. The extent
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Fig. 7. Large inter-
metallic inclu-
sion ("fish
eyes') (a),
cluster of
whiskers (b},
and individual
§iC particles
(c) as an act-
ing fracture
initiating
sites.
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of the void growth determines the ductility of the material. In the high
" $i{C content (> 20%), composites matrix is {in the state of significant
o~ plastic constraint. Thus, dislocation motion, i.e., plastic flow in the
o~ bulk of the composite 1is impeded. i1t appears, therefore, that void
nucleation is not a controlling parameter. Crack inftiates at the pre-
svisting voide and nrooarates fhrourh  the composite in catastrophic
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mannet . Void prowth almost sStops in S1C/AL companlles will a4 Hlc contern!

ot 205 and higher., This can be seen trom the dimple sizes ¢4 = 9 m) 127
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observed on the tracture surtaces.
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CONCLUSIONS

l. High strength of the SiC/Al interface and a blg difference in CTE
between SiC and Al results in the generation of a large number ol
dislocations,

2. The high dislocation density provides the main contribution to the
strengthening of the discontinuous SiC/Al composite.

3. The iwmprovement of ductility and fracture toughness properties of
SiC/Al coumposites can be achieved in two steps. First is to eliminate
the presence of large inclusions and clusters of SiC particulates
and/or whiskers. Further improvement, it is believed, can be obtained

by tailoring SiC/Al interfaces.
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FRACTURE OF SIC/AL COMPOSITES

Y. Flom and R. J. Arsenault
Engineering Materials Group
University of Maryland
College Park, MD 20742

ABSTRACT

Discontinuous S1C/Al composites were fabricated with different size
S1C particles {n order to study the role of particle size on the fracture
process. Tensile test data shows that the Young”™s modulus i{s independent
of SIC particle size, whereas yileld stress and ultimate strength decreases,
and strain to fracture and ductilicty {ncreases as SiC particle size ia-~-
creases. The fracture bechavior of SiC/Al is unique in the sense that 1t
has features of brittle and ductile mechanisms. The fracture process 1is
matrix controlled up to SL{C particle sizes of 20 ym and above where frac~
ture of SIC begins to dominate. The matrix {s {nfluenced by residual
hydrostatic tension and high density of dislocatlons generated at SiC/Al
interfaces due to the difference in coefficifent of thermal expansion (CTE)
between S1C and Al matrix. Crack initfatfon fracture toughness does not
depend on SiC particle size. Crack growth fracture toughness lncreases as
the size of the SI{C particles increase,

INTRODUCTION

Low ductility and fracture toughness of discontinuous S1iC/Al compos-—
ites remains a major obstacle to the practical application of these mater—
fals., Despite the significant fmprovement {n the processing of S1C/Al com-
posites i{n the recent years, fracture toughness {s still in the range of 12
to 20 MPa « v/m (1,2,3]. It is not clear how the fnterfacial S1C/Al bond
strength, difference in CTE between S{C and Al, size of the S1C refnforce-
ment affect the toughness. It has already been established that the in-
crease in the volume fraction of S{C particles and/or whiskers and the {n-
crease of the matrix strength influence adversely the toughness of SiC/Al
composites (3,4]. This paper will examine the dependence of the toughness
and tensile properties of the S{C/Al composites containing various efzes of
51C particles.
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{ ., MATERIALS AND TEST METHODS
' S{C particles of 2.4, 3.2, B8 and 20 uym average size were mixed sepa-
rately with 1100 Al powder and hot pressed, extruded and hot rolled to
'f produce tensile test samples and compact tension specimens (CTS). Also a

S1C/Al composite containing 250 um size SiC particles was purchased from
DWA. The volume fraction of the S1C retnforcement was constant in all
composites and equal to 20 volume percent. An 1100 Al alloy was selected
ll {n order to minimize the influence of the alloying elements which would
otherwise introduce additional complicating factors. Tensile samples were
machined in the rolling direction and tested at a standard crosshead speed
. of 0.05 cm/min. The CTS were machined and tested using single specimen J-
. tntegral testing technique 1in accordance with ASTM E813 standard {5]. All
sanples were tested in the annealed condition. Also, the energy separation
- technique, developed at the University of Maryland (6] was utilized as a
. supplemental method of analyzing load-unload records to increase the con-
fidence 1in the data obtained. The later technique implies that the area
under the load versus displacement curve, which corresponds to the work
- done by external load, can be separated into the stored elastic strain
i~ (potential) energy, U the elastic energy, U,, released during crack
extension, and the pla,Lic energy, Up, dissipated during crack extension as
chown on Filg. 1.

("

AREA 0AA'Q'=Aup
AREA O'A'B = Au,

/\ AREA 0'8D = Aug

LOAD

]
'
]
l '
- H
¢ o 0 c co
4
LOAD-LINE DISPLACEMENT

Fig. 1. Schewmatic of the energy separation principle between two
successive unloadings.

The rate of the plastic energy dissipation 1 = l/B dU_/da and the elastic
energy release rate G = l/B du /da represent the plasgic and elastic parts
- of the J-integral, {t.e., J =1 $ G, where B, is the thickness of the CTS
hetween the side grooves and a is the crack length. Ci7gk initiation frac~

1

r ture toughness can be determined as Ky = (GE /1 - v [7), where E. is
E ;: the composite Young”s modulus and v is the Poissons ratio (v = 0.31).
-~ Also, a direct evaluation of K;, 15 possible by taking maximum load P_ from
t tho load unloaq/ﬁcco and substituting into the expression
Vot = p /B (w) f(a/w) (7], where w is the width of the CTS and values of
\ ;: ZJ/U) are rcadily avatlable. Crack growth fracture toughness {s evaluated
| il by dimengionlesr tearing modulus T which is equal to (7,8]:
, T =€ /o dJ/da, where g 1s the composite yield stress and dJ/da 1is the
v nlopccof the stable crack extension portion of the J versus a plot
Y constructed in accordance with ASTM EB13. Crack extension was determined
’ using unleading compliance technique [5,7]. In order to verify the
;.
L
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3
i calculated crack extension values, the tested CTS were exposed to elevated
v‘ i temperature and then fractured. Physical crack lengths are within 5 to 10%
| from the values calculated by compliance technique.
t} The interaction between the fracture path and SiC particles is analyz-
v ed by counting the number of Si1C particles along a random path (RP), and
the fracture path (FP) and comparing S1iC particle densities and size dis-
tributions, Particle size 1s represented by the longest dimension of the
Py S1C particle. Random path particle count (RPPC) is performed by counting

the parricles along the perpendicular lines forming a square mesh which is

. placed on the micrographs of the metallographically polished cross sections

ﬁ; of S1C/Al composites., Fracture path particle count (FPPC) is done by in-

W corporating the SiC particles touching both matching sides of the crack on
the cross sections of the tested but not separated CTS. In addition, the

‘, number of S1C particles fractured by the crack path can be recasonably

~ estimated since both matching halves of the same crack are present on the

* o’ .rograph. The latter can be used to determine the percent of SiC

particles fractured by the crack path using the ratio of,

» # of particles fractured by crack path
) FpPPC

. RESULTS AND DISCUSSION
Tensile Tests

'i The Young”s modulus of the tested S1iC/Al composites does not change as
a function of SiC particle size and remains constant ~ 89.7 GPa. This
agrees quite well with the classical treatment of the composites where
Young”s modulus E_ is the function of the volume fraction of the reinforce-
nment [4,9). Constancy of the modulus indicates good reproducibility during
the manufacturing process of SiC/Al composites with various S{C particle

sizes in ternms of the bonding between S1C/Al. The yield stress and ulti-

. nate tensile strength decrease as the size of SiC particles increases.

This is consistent with the experimental data collected by various investi-

1 gators [10). A recent model of the composite strengthening based on dislo-

Ky cation generation due to the difference in coefficient of thermal expansion

(CTE) between SIC and Al [11] 1is in accord with the data obtained in the

current investigation. Uniform stralns to the point of instability remain

within 6 to 7% range independent of the SiC particle size. This fact
suggests that: 1) there is no large scale "bulk" yielding in the cowpos-
ites and deformation takes place within a narrow band surrounding the

e fracture path (thus the observatlon of possible difference in strain to

o ultimate load between S1C/Al tensile samples 1is rather difficult), which

correlates quite well with the previous observations in SiC/6061 Al com-~

posites {3,12], 11) the difference in the total amount of plastic deforma~-
= tion to fracture between the composite samples containing various silzes of

" the S1C particles comes mainly at the expense of the deformation taking

place during the necking, 1.e., plastically unstable portion of the tensile

. test.
oL
S1C Particle Analysis
f: The experimental data show that the ratio of SiC particle densities
e measured along RP and FP does not depend on the SIC particle size, {.e.,
RPPC/FPPC = constant = Q.75 for 2.4, 3.2, 8 and 20 pym average S1C sizec
"
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composites. This means that one finds more S{C particles along FP then
along any other direction. Thus crack path is attracted towards the SiC
particles. The significance of the specific value of 0.75 is not under-
stood. Attraction of the crack front by the second phase particles is
discussed elsewhere [13]. The attraction or deflection i3 determined by
the sign of the residual stresses. In case of a tensile residual stress
the crack front 1s attracted towards the particles [13]. The residual
hydrostatic tension was reported to exist in SiC/Al composites due to the
difference in CTE (l4]). The influence of the residual stresses on the
fracture path morphology in two phase system was treated theoretically
using computer modeling [15}. Considering various levels of hydrostatic
tension superimposed on the random arrangement of volds it was shown that
the higher residual tension resulted in the lower strain to fracture. Also
fracture propagated along the path which had the smallest fracture strain.
The percent of SIiC particles fractured by the crack path remains around 8%
for 2.4, 3.2 and 8 pm average SiC particle size composites and increases
to ~ 25% for 20 pym S1iC/Al composite. This result can be treated on the
basis of the critical flaw size used in the Griffith fracture mechanics.
The probability of finding a critical flaw size in small SiC particle is
less than in the coarse one [16].

Fractrography

The results of the fracture surface observation can be divided into
three groups: 1) fracture surfaces have a dimple morphology, 2) there are
two dimple populations: the first, which 1s assoclated with SiC particles,
and increases 1its slze as the size of the SiC particles increases, and
second type consisting of very small dimples located in the space between
the SiC related dimples, 3) no indication of fracture of SiC in the case of
small SiC sizes (< 10 um) (see Fig. 2).

AT A s 5

Fig. 2. Fracture surface of 3.2 pym average size S{C/Al composite.

When the SI1C size increases the fracture of the particles becomes more
apparent. The shape of the dimples is rather equiaxial and there is no
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»oan the appeatance between fractute surlaces ot the tensile and

dittereac
Despite the covrelation between the coarse dimples and s

CT specimens,
narticles on the fracture surlaces ot SiC/AlL compasites, not all the Si¢
‘P‘”Li‘VlCS ate completely exposed.  This covresponds to the carlicer obscrva~
tions ot the fracture surtaces of SIC/AL composites [2,12], and indicatoes

g,ood bandiny between S1C and Al matrix.
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Ohservation of the polished cross scections of the tested tenstle aand

CTS does not reveal the presence of the voids below the fracture path (scco

Fig. 3.

I
ool g b o

Fig. 3. Polished cross section of 20 pym average size SIiC/Al composite
tested tensile sample.

This means that fracture process is confined to an extremely narrow band

and there {s no apparent damage zone adjacent to the fracture surface which
generally exists in the classical void nucleation and growth type ductile
fracture. Also, very little pull out of the Si1C particles from the Al
matrix can be found which is indicative of a good S{C/Al interfacial bond-
ing. No voids can be seen in the vicinity and ahead of the crack tip.
Instead, a series of short cracks can be scen in the matrix in front of the
continuous crack as shown on Fig. 4. Apparently this cracking takes place
in the matrix ahead of the crack tip and forms some sort of the damage
zone, This primary cracking can be observed as far as = 50 ym away from
the crack tip for :he fine SiC particle (2.4 and 3.2 um average size)
SiC/Al composite aud about 110 to 150 um for the coarse S1C particle size
(8 and 20 um) composites. It is believed that crack propagation occurs by
connecting Lhese discontinuous microcracks. It seems that the short micro-~
cracks are assoclated with the clusters of SiC particles (sce Fig. 4).

Even though the distribution of the SiC particles is predominately . .owmo-
geneous, on the microscale there are islands of high and low denstity of SiC
particles. The clusters of the inclusions are considered to be a sftes
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4. Cross section through the tested 8 um average size SiC/Al
composite CTS shecwing the arca around the crack tip.

where the damage level reaches extreme values causing the fracture of the
entire system [17]. The degree of plastic constraint within the clusters
could be much higher than in the rest of the matrix as a result of: i)
residual hydrostatic tension and high dislocation density due to Lhe
difference in CTE [l1,14], and il) increase of hydrostatic tension during
the deformation due to the plastic constraint in the matrix between the
particles. These factors make SiC clusters quite favorable for crack
intiation. A necessary condition for crack initiation is that the strain
cnergy U stored at the inclusion is sufficient Lo provide the surface
cnergy S of the newly formed crack surfaces, or U > S. The critical stress
for crack nucleation can be obtained from the expression [18}:

1/2
)

1 ECY
o =5 (4

v

wvhere o is the applied uniaxial stress, q is tLhe average slress concen-
tration fractor at the inclusion, Y is the specific surface energy of the
crack, E_is the composite Young” s modulus and d is the particle size. The
location of the crack formation depends on the relative values of y and q
within the inclusion, at the interface or wilhin the matrix [I8]). It scems
that stress concentration factor q would be quite high between closely
spaced particles which is not inconsistent with our observatlion of the
crack formation within the SiC particle clusters.

The very sharp appearence of the crack tip (see Fig. 4) shows that
crack blunting between subsequent crack extensions fs quite limited. The
estimate of the width of the blunted crack § based on void nucleation and
yrowth model [19] predicts the blunting of about ~ 10 ym tor 2.4 pm averape
size S1C/Al composite. This Is much higher than the separation (1 to 2
um) observed between the matching sides of the crack in CUS machined from
SiC/Al composite contalning 2.4 pm average size SiC particles.  Thus the
c¢lassical void nucleation and growth mechantism of ductile fracture does oot
Five satisfactory description of the crack propagation in S{C/AL
composliies,
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Fracture Initiation Toughness

Crack initiation fracture toughness measured as Kic
as a function of the average SI1C particle size and 13 shown on 91

and K
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Fig. 5. Crack initiation fracture toughness of SiC/Al composites

measured as Kic (a) and KIQ (b).

The fact that both of these values show the same trend, i.e., no dependence
on the size of the SiC particles increases the confidence in the results
obtained and supports the energy separation method as a new and poverful
tool. The numerical difference (K;- = 18 MPa . Ym and K 23 MPa « /m)
between the values of K,. and Kiq can be explained as fo}gous A finite
notch with a root radius of ~ 150 ym was machined in CTS in order to start
the crack (as opposed to ASTM E399 requirement of a pre-fatigued crack
starter resulting in a geometrically sharp crack). Thus 1t is reasonable
to expect higher values of K;, which are obtained in accordance with ASTM
E399. Using the result of the study of the influence of notch acuity on
the fracture initiation toughness {3] in S{C/Al composites we may write

-k -k (1 + r/2<:)3/2
1Q 1¢(xr) IC (1 + r/c) ;

where K is the 1initiacion toughness of the notch with radius r,
the toughness of geometrically sharp crack and ¢ 1s the adjustable constant
related to the miCYOEFrUCCurS. Substituting values for KICLr = 23 Mpa -

/n, Kic = 18 MPa - Ym and r = 150 ym we obtain value for ¢ = %O pm. It is
rather comparable with the size of the fracture process zone observed in

2.4 ym average Si1C particle size composite. Initiation fracture toughness
for 250 um S1C/Al composite 1s almost by the factor of 2 less than for the

K

KIC is
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rest of the tested composites. This 1s apparently due to the premature
i cracking of 250 um size SiC particles.
Crack Growth Toughness
- Crack growth toughness measured as tearing modulus, T, and plastic
) part, I, of J-integral 1s plotted versus the average size of SiC particles
in Fig. 6.
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The increase of the crack growth toughness with an increase of the $1C
particle size means that more energy is dissipated during crack extension
in the composite with a larger size of SiC particles. As teunsile test data
shows the yleld stress of the SLC/Al composites drops with the increase of
the SiC particle size. The same behavior was reported in literature for
various alloys containing second phase particles [10]. The size of the
plastic zone 1Is lanversely proportional to the square of the yield

stress [20]. Thus as the size of SiC particles increase, the size of the
plastic zone also increases resulting in the increase of dissipated plastic
eanergy which in turn increases the crack growth fracture toughness.

Conclusions

From the data obtained, the following conclusions can be made:

l. Fracture behavior of Si1C/Al composites is quite unique and features of
both brittle (limited crack blunting, microcracking in front of the
crack tip, confinement of the fracture process to a very narrow band)
and ductile (dimple morphology of the fracture surface) mechansims.

2. Fracture process is matrix coatrolled up to very large particle sizes
(> 20 ym) and strongly influenced by: {) residual hydrostatic tension
and hydrostatic tension due to inhomogeneous plastic deformation, 11)
high dislocation density in the regions adjacent to the SiC parcticles,
and i1{1) local fluctuations in distribution of SiC particles.

3. Crack 1initiation fracture toughness KIC is independent of the SiC
particle size up to very coarse grit sizes when SiC particle fracture
takes over.

4, Low values of the crack infitiation toughness can be related to a high
dislocation density and residual hydrostatic tension due to the
difference in CTE between SiC and Al.

5. Young“s modulus is not a function of the Si1C particle size at a given
volume fraction.

6. Yield stress and ultimate strength of the SiC/Al composite decreases as
SiC grit size increases.

7. Si1C/Al interfacial bond strength is quite high.

8. Crack growth fracture toughness measured by T (tearing modulus) and I
dissipation rate of the plastic energy) increases with the increase of
S{C particle size.

9. Increasc 1in the initiation fracture toughness can be expected only when
the plastic constraint of the matrix is decreased. This can be
achieved by tailoring SiC/Al interfaces to control the interfacial bond
strength. By lowering the bond strength the dislocation density could
be reduced. This however will result in the decrease of yield stress.

ACKNOWLEDGEMENT

This research was supported by the Office of Naval Research under
Y Contract No, NO0O14-85-K-0007. The authors wish to acknowledge the

continued support and encouragement of Dr. S. Fishman of the Office of
Naval Research.

r

REFERENCES

o l. Divecha, A, P., Fishman, S. G., and Karmarkar, S. D., J. of Metals,
1981, 9, 12.

. e .« ST L e e BN .
. S O R I A TR A L O

»,- " '.l~' .-"-.
. I
e BN Sk WPt M,

R I
T
- e

F S St T

L2
!

.
S
"

)
]
"
L)
L)
»
A
"
L
r
v
v
E

Rt T s et R e TN T e D Y RN
.-.‘:;__ SRR A A A A N P A
B ¥ )

A

‘-.‘ ._ r:-l-:’ - .‘A‘R.-‘-- IP. #- *,‘

..\-_
Ky



l-'
\ L

=

LA |

rl

.
4'.‘!‘»

.l

L |
L

.

137

2. logsdon, W. A. and Liaw, P. K., Tensile, Fracture Toughness and
Fatigue Crack Growth Rate Properties of SiC Whisker and Particulate
Reinforced Al Metal Matrix Composites, Westinghouse Scientific Paper

83-1D3-NODEM-P1, December 1983.

3. Crowe, C. R., Gray, R. A., aund Hasson, D. F., Proceedings of ICCM-5,
ed. by W. Harrigan, San Diego, 1985, p.

4. McDanels, D. L., Met. Trams. A, 1985, 16, 1105.

5. ASTM Staudards, Sectlon 3, Vo;. 03.01, EB813 (1986).

6. Mecklenburg, M. F., Joyce, J. A., Albrecht, P., "Separation of
Energies in Elastic-Plastic Fracture', presented at the Third
Internatjion Sympos{um on Nonlinear Fracture Mechanics, ASTM, October
1986, Knoxville, Tenn,

7. latzo, D. G. H., Turner, C. E., Landes, J. D.,, McCabe, D. E., and
Hellen, T. K., Post Yi{eld Fracture Mechanics, Znd Ed., Elsevier Pub.,

NY, 1984.

8. Richie, R. O. and Thompson, A. W., Met. Trans., A, 1985, 16, 233.

[ep}

9. Mogford, I. L., Metallurgical Reviews, 1967, 114, 12, 49-65.

10. Schouteuns, J. E., Iantroduction to Metal Matrix Composite Materials,
MMCIAC, 3rd ed., 1982.

ll. Arsenault, R. J. and Shi, N., Mat. Sci. & Eng., 1986, él' 175-87.

12, Nieh, T. G., Rainen, R. A., and Chellman, D. J., Proceedings of ICCM-
5, ed. by W. Harrigan, San Diego, 1985, p. 825,

13, Faber, K. T. and Evans, A. G., Acta Met., 1983, él, 565.

14, Arsenault, R. J. and Taya, M., The Effects of Differences in Thermal
Coefficients of Expansion in SiC Whisker 6061 Aluminum Composites, in
the Proceedings of a ICCM-5, ed. by W. Harrigan, San Diego, 1985, p.
21.. Also accepted for publication in Acta Met.

15. Melander, A., Mat, Sci. and Eng., 1979, 33, 57-63.

16, Davidge, R, W,, Mechanical Behavior of Ceramics, Cambridge University
Press, 1980.

l7. Embury, J. D. and Burger, G., The Role of Microstructure in the
Fracture of Structural Steels, in the Proceedings of a Conference on
"Inclusions and Residuals in Steels: Effects on Fabrication and
Service Behavior", Ottawa, March, 1985,

18. Gurland, J. and Plateau, J., Trans. ASM, 1963, 36, 442,

19.  McMeeking, R. M., J. Mech. Physics Solids, 1977, 23, 337.

20. Thomason, P. F., Int, Journ. of Fracture Mech., 1971, 7, 409-419.

- =

e e W
A

R T TR S
Ll '

............ e dthdeldliakoinb il dnb ol ol ol ol b Aol it Sal fat 400 Ak 4 4t 4 & B 0 2 20 4t 2 2 a e a s n
[_ A habadia et Bad ik Bad Ao Aot Aoh ae o0 oy g




e e

T Ty T T T T O P N I O O PO W T oW

.'("'"'"\"I"'N""""V‘V'U"V""L"I"?"\V‘.

A

L‘",Il- .

9N |

res

b

5

Strengthening Mechanisms in Discontinuous
S1IC/Al Composites

R. J. ARSENAULT

Engineering Materials Group, University of Maryland,
College Park, Maryviand 20742-2105, USA

ABSTRACT

The various potential factors whiclh could affect the yield strength of
discontinuous SiC/Al composites, such as load transfer mechanisms, residual
elastic stresses, differences in texture, etc., were considered. It was found that
the high dislocation density and small subgrain size generated as a result of
the difference in thermal coefficient of expansion between the SiC and Al was
the major contribution to the strengthening. The classical load transfer
mechanism and the texture difference had no effect on the strength. The
thermal elastic residual stress was on average in tension (for whisker
composite ) and it reduced the tensile yield stress of the whisker composite.

INTRODUCTION

The framework of a mechanism is slowly evolving to account for the

strengthening due to the addition of SiC to an Al alloy matrix. However, it

should be kept in mind that the number of detailed investigations of these
" composites is rather limited.

The basic strengthening mechanism is the high dislocation density, which
is produced as a result of the differences in the thermal cocfficients of
expansion between SiC and Al, and the small subgrain size that results.

There could be other contributing causes to the strengthening, such as:

I.  Residual elastic stresses.

2. Differences in texture.
3. Classical composite strengthening (load transfer).
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. Strengthenoe Mechamims v Discontinons SiCo 40 Compasires
\::
i The classical models based on confmuum mechanics models will have to be
" constdered m detanl, .
Two types of continuum modcels seem to have been used extensively, the

shear lag type and the Eshelby type models. The former model, which was

originally developed by Cox.' is simple and has been used for prediction of

stiffness.? yield stress. strength and creep strain rate* In the case of
continuous whisker composite, a shear lag type model was also applied to
n prediction of load concentration factor successfully.® However, it is known
- that the propertics predicted by the shear lag type model will become a
crude approximition when the aspect ratio of the short fiber (//d) is small or

:: the short fibers arc misoriented. Nardone and Prewo? have recently
proposcd a variation of the shear lag type model to obtain a larger

" estimated tensile yield stress of a short whisker MMC with smaller valuces of

~ l/d. .

) On the other hand, in the Eshelby type model, the short whisker is

::_ assumed to be a prolate ellipsoidal inhomogeneity. The analytical model to

predict the thermal and mechanical propertics of a composite was first
- developed by Eshelby, who considered a single ellipsoidal inclusion or
. inhomogencity embedded in an infinite clastic body.® thus it is valid only
for a small volume fraction of fiber ¥,. Mori and Tanaka’ modified the
original Eshelby model for a finite volume fraction. The modified Eshelby

» type modcls arc stifiness,® yicld stress and work-hardening rate,® !
. thermal expansion'?'* and thermal conductivity.'* The Eshclby type
e modcl has also been used to predict the thermal residual stress in a
‘ composite.! 1% The detailed summary of the Eshelby type models is
given in a book by Mura.'®
.. The purposc of this investigation was to reconsider the load transfer
mechanism of composite strengthening, and to consider clastic residual
= stress and texture differences which could cexist on the strengthening of
g discontinuous composiltces.
L
’ MODELS
o
py 1. Shear Lag Type Model
B The original shear lag model, developed by Cox,' with its detailed
':: derivation of the stiffness? and yield stress® has alrcady been discussed
) clsewhere. Thus it is omitted here. The standard shear lag model has often
- been used for an aligned short fiber composite system where short fibers of
h the same size arc assumed to be distributed in the matrix in a hexagonal
.
‘@
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272 Strengthening Mechanisms in Discontinuous SiC/Al Composites

array. The repeated cell (unit cell) is used for the detailed derivation !7-18
The most important assumption in the shear lag type rhodel is that load
transfer occurs between a short whisker and matrix by mcans of shear
stresses at the matrix—whisker interface. In the original shear lag modecl!-2
the load transfer by the normal stress at the whisker ends and side surfaces
was ignored. Nardone and Prewo? recently suggested that the load transfer
at the fiber ends should be accounted for in predicting the yield stress, but
still ignored the normal load at the side surface of fiber for the case of I/d
values. Below is the final formulae based on the shear lag type model to
predict the stiffness!+? and the end result of a derivation of the tensile yield

stress, including normal stresses on the end of the fiber of a short fiber
composite. For the stifiness,

EJE,=(1-V)+ (V.E/E ! — (tanh x)/x] (1)
x = (d){(1 + v JELE)In [V, 1712} 717
For the yield stress,
Oy Oy =05V 2+ 1/d)+ (1 - V,) (2)

where E_, E, and E_, are Young's moduli of the matrix, whisker and
composite, respectively; V,, is the volume fraction of whiskers; g, and o,
are the yield stresses of the matrix and composite, respectively; and {/d s the
whisker aspect ratio.

In the shear lag model, there exists an uncertainty regarding the relation
between //d and L/D, which is usually found from observations of SEM
photos. In deriving eqn. (1), we have used the same assumption as Kelly and
Street,* i.e. L= This assumption would certainly induce errors in the
analysis for the case of smaller whisker aspect ratios. This model is
described in greater detail elsewhere.!7:!8

2. Eshelby Type Model

The original Eshelby model® is based on the assumption that an
ellipsoidal inclusion with uniform nonelastic strain (cigenstrain) e* is
embedded in an infinite elastic body. Eshelby® derived the formula to
compute the stress field induced in and around an inclusion and also the
associated strain energy of this system. Mori and Tanaka’ modified the
original Eshelby model to account for the interaction between inclusions,
i.c. an aligned short fiber composite.

The Young’s modulus along the fiber axis £, can be obtained as

EJE.=1/1+ V(E/00)e33) 3)
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where ¢35 15 to be computed from formulation defined elsewhere 718 and
N the results are expressed in terms of ¢q(0,/£,) and ¢, is some numerical
LY .
) value.
i The formula to predict the yield stress is finally reduced to!7:18

0, =00, + e, (4)

iy where ¢; is a nondimensional parameter (the yicld stress raiser), ¢, is the
< work-hardening ratc and ¢, 1s the plastic strain in the matrix along the fiber

axis.

NUMERICAL RESULTS

'\., .

.-j In order to compare these models, the stiffness (£,) and the yield stress (o) !
of an aligned short whisker MMC arc computed by using eqns (1) and (2) |

’ _ (shear lag type model) and eqns (3) and (4) (Eshelby type model). The target

short whisker MMCs are spherical SiC (SiC,) and SiC whiskers

(SiC.)/1100 Al matrix composites.'® The numerical results of £ /E,, based

v on the shear lag type and Eshelby type models are plotted as dashed and

solid curves, respectively, as a function of whisker aspect ratio //d in Fig. 1.
" The experimental results'® are also plotted as acircle in Fig. 1. The material
] constants used in thiscalculation are given in Ref. 18. [tcan be seenin Fig. |

Ec
-z Em ﬁ / 1100 Af MATRIX
(S /
/ —— ESHELBY TYPE MOOEL (8)
L / —— — SHEAR-LAG TYPE MODEL (2)
- /
1.0 -/ O EXPERIMENTAL RESULTS (18) -
4
0.75 1 1 1
{ 5 o] S 20
- £/4 |
,ﬁ.
e Fic. t. The ratio of modulus of the composite to modulus of the matcix versus length to |
diameter ratio of fiber. ‘}
: ‘
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that the stiffnesses predicted by the shear fag type model are always less
than those predicted by the Eshelby type model and that the shear lap

model is a rather crude approximation for smaller //d. A comparisan with

the experimental results reveals that the Eshelby type model gives a better

prediction.

Next we have computed the values of g, /o, based on eqns (2) and (4),
the results of which are plotted as dashed and solid curves, respectively, in
Fig. 2, where the closed circles denote the experimental results for a specific
SiC, /Al 6061-T6 composite® and the predicted values based on the
modified Eshelby model, with residual stress accounted for, are plotted as a
dash-dot curve. All predictions are plotted as a function of //d. In the range
of small //d the Eshelby type model gives an accurate prediction,

6$ T Al Y T Y Y L B T A T T T 1

o (——— ESHELBY TYPE MOOEL(9)

— -— ESHELBY TYPE MOOEL
MOODELS WITH RESIDUAL STRESS
S (10,11) -

(--—=SHEAR LAG TYPE
MODEL (3)

(® siC,/A16061-T6 (3)
af- O SICy/ALE6061-T6 (22,23)
EXPERIMENTS { O SiC, /Al 1100 ANNEALED(22,23)
O SiCy/A1606! ANNEALED(22,23)
oy & SiC,/Al 7091 ANNEALED(22,23)

frd

FiG. 2. The ratio of the yield stress composite to matrix versus length to diameter ratio of

fiber. For 20V% SiC.
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2 partcularly atGd = 1, while the shear fag model gives an underestimation,
) However, at larger {/ds both models predict bdbl(d”) the same order of

composite tensile yield stress. In the same figure, our recent results for
' various SIC_ /AL composite systems arce also plotted as open symbols.

Though the Eshelby type model gives reasonable predictions for the case of
the T6-treated composite (@), the stress prediction of both models is low
compared to the experimental results for most of the data (O, ©, J and
A). The poorest prediction occurs for the case of an annealed 1100
! aluminum composite (Q).

The experimental g, and o, correspond to the stress at 0-2% offset, and
6,15 froma0V% material produced in the same manner as the composite.
> The reason that both of these models are not capable of predicting the

observed strengthening is that thesec models assume that the matrix has the

.y

-

- same strength as it hasin the nonreinforced condition. In other words, these
’ models assume that the addition of SiC does not change the strength of the
, - matrix. [t has been clearly shown that the dislocation density in the SiC/Al
- composites is much higher than in the nonreinforced Al.29:2!

If the absolute magnitude of the increase in ¢, compared to o, IS
= considered, then the apparent differences caused by the various matrix
N

alioys 15 much less. The data'® indicate that Ac (Ao =0, .50ve, — Tymove) 1S
. relatively independent of the composite matrix except for the T6 heat-
i treated case. The lack of a difference in Ao occurs because the thermal stress
developed upon cooling is very large compared to the yield stress of the
matrix in the anncaled condition. The dislocations are generated in the
mitial cool down whether the sampleis furnace cooled or quenched prior to
aging. Therefore, the increased density of dislocations generated for all
u‘ practical purposes is independent of the matrix.

Stnce the observed increase in the experimental o, 1s much greater than
that predicted by the shear lag type modecl or the Eshelby type model, the
increase in o, must be caused by the increased dislocation density in the
composite matrix. This incrcase in dislocation density is the resuit of

’ relaxation of a portion of the stresses developed upon cooling of the
" composite. The stresses arise from the localization of differences in
coefficients of thermal expansion between the SiC and Al The effect of this
, thermal expansion mismatch strain (AaAT) has been considered in the
~ Eshelby model, with residual stress accounted for (dot-dot curve in Fig.
2187 However, in the model Aa AT is simulated by the equivalent surface
dislocations'® that are present at the matrix-whisker interfaces. In reality,
the surface dislocations are more likely to relax by punching,?* resulting in
: the localization of dislocations around a whisker.
&
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Strengthening Mechanisms an Duscontinuous SiC/Al Composites

If we now consider the proporuonal limit of the composite, an interesting
correlation can be obtained. The proportional limits of the composites?2:2°
arc approximately cqual to o, This correlation gives rise to two important
points. First, the modulus (£,) thatis predicted by the Eshelby type model,
which isin agreement with the experimental data, is for the initial portion of
the stress—strain curve, 1.c. for stresses up to the proportional limit.
Therefore, the Eshelby type model does operate up to the proportional
limit, and the maodel predicts a very small increase in the proportional limit
upon the addition of the reinforcement, again in agreement with the
experimental data. Second, the increase in stress with strain in the stress
region from the proportional limit to ¢, is caused by an exhaustion
phenomena. In the stress-strain region, dislocation motion occurs in the
lower dislocation density regions within the matrix. The increase in stress
between the proportional limit and the o, is not caused by work-
hardening, for there is no general increase in dislocation density.?® There is
anincrease in dislocation immediately below the fracture surface, 1.e. within
160 pm of the fracture surface. The dislocation density in the remainder of
the sample is identical to that of the undeformed sample. However, only
limited deformation can occur, because of the small volume of matnix. In
order to have macro-deformation, i.e. to reach 0-2% offset strain, additional
dislocation motion must occur in the higher stress regions of the matrix
which arc often quite localized in the specimen. Therefore, the macro-
yielding of the composite is controlled by the inhomogeneous matrix which
ts a mixture of the high-low dislocation regions.

RESIDUAL ELASTIC STRESS

An analytical model by Arsenault and Taya'! based on an ellipsoidal-
shaped SiC particle in Al matrix was developed, which predicts that a
tensile thermal residual should exist in the matrix for a whisker of //d of 1-8
and the longitudinal residual stress should be higher than the transverse
residual stress. The actual experimental data obtained from an X-ray
analysis are shown in Table 1. The X-ray results do indicate that the matrix
ts in tension and that the longitudinal residual stress is higher than the
transverse residual stress. However, the X-ray data indicate a higher value
of residual stress than predicted.

The model of Arsenault and Taya'! predicts that the yield stress in
compression should equal the yield stress in tension if the SiC is in the form
of spheres. The surprising result is that in the case of spherical SiC
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» R
O TanLe 1 .
- Thermal residual stress (tensile) X-ray measurements
ﬁ Matcnal Longitudinal  Transverse
(MPa) (MPa)
. 0 Vol. % whisker SiC 6061 matrix 00 00
S Vol % whisker SiC 6061 matrix 408 35
20Vol. % whisker SiC 6061 matrix 231 58
. Wrought 1100 Al 00 00
- composite, the tensile stress s higher than that of the compressive yield
o stress, whereas the difference predicted by the model is zero. However, the
point to be made is that for the whisker case of > o). The model of
b Arsenault and Taya successfully predicts the differences in the tensile and
N compressive yield stress due to the thermal residual stresses. However, the
model is completely incapable of predicting the absolute magnitude of the
i - ‘
Ve=0Q.5
Experimental
1500 - —==— Analyticol Results 4
n compression
- %
- Cg /’ tention
N 4
~ 1000 | B
. b
. o
- 500 t+ .
-
’ 1 1
‘ 0 0.005 0.010
- Strain ¢ ‘
F1G. 3. Tension and compression stress—strain curves of continuous Al,Q, fiber/5056 Al |
N composite with ¥, = 0-5". The experimental and theorctical results are denoted by solid and
dashed curves, respectively. The solid and open circles denote the yield stress of the
S experimental and theoretical results, respectively.
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Strengthening Mechanisms in Discontinuous SiClAl Composites
1:;- increase in yield stress, for it does not have the capability of predicting the
increase in the matrix strengthening.
l n In a casec where the matrix strengthening'is not such a predominant
1 factor, i.c. continuous filament deposits, the model is excellent in predicting

ad

the differences between tension and compression, and the absolute values as
: shown in Fig. 3.

TEXTURE

.
+' 2

A texture investigation was undertaken and from a comparison of the data

N itis apparent that there is little difference in the texture 0£99-:99% Al,0V %,
[ . - .
LN 6061 Al alloy and 20V% 6061 Al alloy matrix composite, as shown in
o Fig. 4.
= (101
& ‘
) (001}

» TEXTURE FOR EXTRUDED 8 ANNEALED

', 99.99% Al
(101}

' () (oo
< TEXTURE FOR EXTRUDED 8 ANNEALED
OV¥% SiC (100 MATRIX

(tot)

bt
S
) (i (oon

. TEXTURE FOR EXTRUDED 8 ANNEALED

20V% SiC 1100 MATRIX

) FiG. 4. The texture of two control Al samples and a 20V % SiC whisker composite in the
- anncaled condition as determined by an X-ray technique.
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b
N DISCUSSION .
‘-‘ )
i . . . . ¢
.- Some time ago, a hisung of the components of the strengthening ¢
i mechanisms was proposcd:
t" AG)’C = Aadlsl + Aasg -*—— Aarcs + Aa(cx.'_{— Aacomp
M where Agy,, is the increase in strengthening due to the increase in
dislocation density resulting from the differences in thermal coefficients of
! expansion between the StCand Al Ao, is the increase in strengthening duc .
" to the reduced subgrain size, Ag, . is the difference in strengthening due to X
.. the thermal residual clastic stresses, Ag,,, is the strengthening due to A
 differences in texture between the 0 volume % and the higher volume % 3
composites, and Ac,,, is the strengthening due to classical composite
ﬂ strengthening, e¢.g. load transfer. i
a [f the strengthening components are considered in detail, it is now
, necessary to consider the morphology of SiC. Table 2 is a listing of the .
& :
TaBLE 2 e
A listing of the strengthening components for the ‘
N spherical SiC in 1100 Al matrix .
e Ao, = ABoy + b0, +bo  + Ao, + Ad 3
Aoy =1242MPa i
Ao, =552MPa !
;::\ AO'“‘ = O :
e Aa,., =0 :
. Aacomp = 0
i Ao, =1794MPa  Ao,,.,, = 172:5MPa .
l\ )
- TABLE 3
- A listing of the strengthening components for the
F whisker SiC 1100 Al matrix
N Ao, =080, +ba,tAg,  + bo ., + Ao o, ' :
. Ad,,, = 1242 MPa .
1’
:3 Ac,, = 552MPa '
Ac,..= —345MPa
S Ao, =0
.
\'..- AGCWD =0
Ac,.=1449MPa  Aq,..,, = 1449 MPa
w
& :
o
N
fa
1}

.- ... -~~ "
'~\.‘..\)~‘d

)
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strenpthening components for the spherical SiC case. The strengthening
due to Ao, and Ac,, 15 cqual to zero. The summation of the predicted
strengthening and the observed strengthening are in very good agreement.
Table 3 is a lisung of the strengthening components for the whisker SiC
case, The strengthening due to Aoy, may be a littie higher than the.
value given, however, again the agreement between the predicted and
cexperimental results 1s very good.

CONCLUSIONS

From the data presented in this paper, several conclusions can be drawn:

1.  Thedata generated further support the concept that the strengthen-
ing mechanism is due to the difference in the thermal coefficient of
expansion between SiC and Al, which results in a higher dislocation
density and a small subgrain size.

2. The thermal residual stress, as measured by the X-ray technique,
indicates that the matrix is in tension.

3. Thereis a difference between 6061 and 2124 in terms of the fracture
of SiC whiskers and/or the bonding to SiC whiskers.

4. A model based on load transfer is completely incapable of
explaining the increase in strength due to the addition of SiC to the
Al alloy matrix.
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Role of Interfaces in SiC/Al Composites*

R. J. Arsenault and Y. Flom

Metallurgical Materials Laboratory
Chemical Engineering Building
University of Maryland

College Park, MD 20742 -

Abstract

In discontinuous metal matrix composites, specifically SiC whiskers or
platelets in an Al alloy matrix, the interface is a dominate factor. The
strengthening produced by the addition of SiC to Al is due to the high dis-
location density in the matrix. It has been shown by in situ HVEM that
dislocation generation does occur in thermal cycling, also, 1f a good bond
does not exist at the interface then dislocation generation does not occur.
The degree of bonding also affects fracture mechanism, i.e., the degree of
void nucleation and growth. In the fracture studies, the fracture surfaces
have a dimpled appearance. The size of the dimples range from teas of
microns down to a fraction of a micron. SiC particulates can be observed at

the bottom of some dimples.

* This research was supported by the Office of Naval Research
under Grant No. N0O0014-85-K-0007.
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Introduction

i
The quality of interfacial bond between Al and S{C is fmportant in com-
.. posite strengthening, independent of the strengthening mechanism that 1s
E‘ assumed to be operative. One of the key elements fn the continuum mechanics
e treatment of the composite strengthening is that the interface transfers the
load from the matrix into the reinforcement‘'™ -/, The rule of mixtures that
emerges from the continuum mechanics relates a given property of the compos-—
‘l ite to the properties of {ts constituent materfals. The credibility of this

approach depends on, agmong other things, the bond integrity and the effi-
clency of the load transfer from the matrix to the relnforcement,

Recently {t has been shown(A—G) that {n Al/SiC systems the interfaces
are a major source of the dislocation generation (on cooling from fabricat-
ing temperature due to the difference in the coefficient of thermal expan-

s; sion). The rssultaniodislgcacion densities at the Al/SiC interfaces can be

- very high (107 to 10" cm ©), which significantly contributes to the overall
composite strength.

b{ Several 1?¥e§§igators have reported that the bond between Al/SiC 1is
generally good '*"/, but a systematic evaluation of the bond strength has

o not been, to our knowledge, reported in the literature. Direct measure-

- ments of the interfacial shear strength in meEs% matrix systems have been

- made using flat plate and fiber pullout tests « The fiber pullout test,
which is of more interest for this investigation, wailgied to determine ,

interfacial shear strength in Cu/W and Cu/Mo systems . Several attempts :

1 were made to carry out a direct measurement of the interfacial bond shear

strength in A1/S1C using the pullout test due to its apparent simplicity.

However, all these attempts resulted in brittle failure of S5iC (single

crystal, very large grain, and sintered SiC were used) at very moderate

. loads.

In addition, an effort was made to perform a punch test using Al disks
. with pieces of the Si1C embedded in the center. This effort also resulted in

premature failure in SiC.

*t Another way to evaluate the f{nterfacial bond strength {s b?ied 29 the

fe. general understanding of the mechanism of the ductile fracture 1-14) Unich

was applied for the determination of the interfacial bond strength in sphe-

roidized 1045 steel, Cu-0.6 pct. Cr 1%°¥6 and maraging steel containing

- FesC and TiC particles, respectively 15, ). Providing that the ductile

. fracture starts by void nucleation at t?iagnclusions and second phase parti-
cles, the theoretical bounding analysis allows the evaluation of the

5 {nterfacial strength in the systems with the small volume fraction of the |

second phase. |

A ductile fracture, especially in the presence of second~phase parti-
.’ cles or inclusions, is assumed to be the end result of a sequence of three
procesges: 1) nucleation of E?;_¥8§ds at the second-phase particles, 1i)
growth, 11{) linkage of voids .

It is generally thought that the nucleation of volds requires the

atta%TTSnt of a critical normal stress at the particles matrix inter-
- face , which 1s a local condition. This depends upon ETS)SIZE' shape and
. location of the particles and sometimes their interaction . In the case
Ay of S1C/Al composites that have been produced to date, it is possible that
this event, i.e., the nucleation may be reduced at some of the A1/S41C inter-
f faces because of the pre-existing voids.
4
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The growth rate of the vgids is determined by the rate of specimen
extension and the stress rate‘lz’z . Experimental observations of void
growth have been made {n many studies, primarily under simple tensile
loading, and the analysis is based on this mode.

The strain for vold initiation, i.e., nucleation and that for growth
before linkage can be defined for multiloading state. A weakness in all of
the theories of ductile fracture is the arbitrary nature of the condition of
void linkage and failure. It is usually assumed that voids connect when the
void 1 n%gg reaches some multiple of the distance between the neighboring
void(1 4 « Some criteria ignore the geometric or material instabilities
that can lead to flow localizations: yet they appear to give adequate de-
scriptions of the experimental results. A small word of caution should be
made, and that is, these results apply to the ductile fracture, only when
the matrix is quite soft, 1.e., 1f the matrix is strengthened by some mech-
anism, such as age hardening or solid solution strengthening the agreement
between the experimental results and theory i{s definitely not as good. This
mechanism predicts that fracture strain, which may be related to fracture
toughness, 1is -independent of platelet size at a given volume fraction.

As stated above, dislocation generation due to differences in coeffici-
ent of thermal expaunsion between SiC and Al is a major contributing fact r
to strengthening. However, the role of interfacial bond on the dislocation
has not been demonstrated and knowledge of plastic zone dimensions, i.e.,
the extent of the region about SIiC of a high dislocation density should
contribute to the understanding of the mechanism of composite strengthening.

The experimental determinations of plastic strains and plastic zone
radii about a particle in the matrix due to differences in coefficient of
thermal expansion (CTE), to our knowledge, have not been reported in the
literature.

Several theoretical investigations have been undertaken to predict the
magnitude of the plastic strain in the plastic zone around a particle. The
relaxation of the misfit caused by the introduction of the oversized spheri~
cal particle {g%g a spherical hole in the matrix was analytically described
by Lee et al. « Using the misfitting sphere model, they calculated
strains in plastic zozszghat survounds a hard sphere and also the plastic
zone radius. Hoffman calculated the overall total strains in the tung-
sten—-fiber-reinforced 80Ni + 20Cr wmatrix, using a thick wall, long cylinder
approach and assuming that a hydrostatic stress-state exists within each
constituent.

Garmong(23), assuming uniformity of stresses and strains in the matrix,
calculated deformation parameters for a hypotetical eutectic composite, and
reported values of matrix plastic strains were of the order of 0.4Z.

Dvorak and Rao(za) developed a new axisymmetric plasticity theory of
fiberous composites involving large thermal changes. The long composite
cylinder model was adopted as a composite unit cell and microstress distri-
bution as well as yielding surfaces were obtained for Al-W composites.

Hehan(zs) calculated residual strains {n an Al/a - Al,05 composite due
to cooling from fabricating temperature. He considered an idealized compos-
ite consisting of a long sapphire cylinder surrounded by an Al matrix. This
i1s equivalent to the long cylinder composite model used by Dvorak and Rao.

The above-mentioned composite models, however, do not give an accurate
description of the plastic strain gtate in the ghort composite cylinder
model. A short cylinder model nearly duplicates the stress-strain
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distribution about whisker and platelet in S{C-Al composites.

The purpose of these investigations was to experimentally determine t .e
bond strength between SiC and Al in a commerical composite material using
the analysis of separation of the inclusion from the matrix under the nega-
tive pressure, and relate the bond strengths to the observed fracture sur-
faces. The second and third purposes of this investigation were to deter-
mine experimentally the magnitude of the local plastic strain produced in
the Al matrix around a short SiC cylinder during a thermocycle, to estimate
the extent of the plastic zone around the cylinder, and also to determine {f
a relationship could be found between the fracture process and bond strength
at the Al/SiC interface.

Experimental Procedure

One volume (1 V%) SiC particulate in a 6061 Al alloy matrix composite
purchased from DWA was used for the bond strength investigation. The low
volume percent of the particulate was necessary in order to provide favor-
able conditions for a ductile fracture and thus activate the mechanism of
void nucleation and growth type fallure. At higher volume concentrations,
the Al1/SiC composites exhibits very little ductility. The theoretical
analysis of the inclusion separation from the matri{x that was used in this
investigation was based on the assumption that there is no interaction
between the particles, which 1s a reasonable statement for a small-volume

concentration.

The composite material was machined to a standard tenslle test speci~
men. In order to Introduce a local triaxial stress state, a circumferential
groove was electrical discharge machined (EDM) in the center of the specimen
(Fig. 1).

A-A

s
[ s

(a) (b)

-(———————35mm—————->4

Figure 1 - A schematic view of the specimen (a) and
enlarged portion of the groove (b) showing groove
geometry and location of the maximum triaxial stresses.
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Subsequently, the specimen was annealed and quenched, in order to keep the

( Mg,S1 phase 1n the solution and thus limit the presence of particles other
than S{C. The specilmens were tested in tension to fracture using an Instron

testing machine. The fracture halves were cut loangftudinally (parallel to

the tenslle axis) using EDM and mechanically polished.

Polished surfaces were examined for voids between SiC particles and the
matrix. The fracture surfaces were examined in the scanning electron micro-

' scope (SEM),

The experimental determination of the local plastic strain at the S{C/

- Al interface in a commercilally available Al/SiC composite is practically an
a: impossible task due to very small particle interspaclng (several ym). Thus,
»

a composite model consisting of a SiC cylinder embedded into an Al matrix
was fabricated to attempt direct strain measurements.

. Aluminum of 99.99% purity (to minimize the influence of the alloying
elements) and commercial carborundum were used to produce the composite
model.

Platelets of SiC were separated from carborundum conglomerates that are
used in the production of abrasives. These platelets were spark planed on
< an EDM to approxiamtely 1 mm thick plates. These flat plates were cut into
S rectangular ~ 1 mm x 1 mm rods. After this, each rod was spark machined to
a cylindrical shape with ~ 1 mm cross sectional diameter.

ir Pure Al rods, 12.5 mm in diameter in the as-received condition, were

| cut into 37 mm long studs. Two Al studs and one SiC rod were assembled
together and put in a specially built compaction die, where they were hot

- pressed to produce one compact. Compaction was done on an Instgon Testing

- Machine. During the entire compaction cycle, a vacuum of ~ 107~ torr was
maintained using a mechanical vacuum pump.

. The central portion of the compacted sample was sliced in the trans-

< verse direction into 1 mm thick disks using EDM, set at a low power, and
each disk contained a SiC cylinder very close to perfect center (Fig. 2).
All A1/SiC disks were metallographically and then electrolitically polished
" to remove the thin cold worked surface layer of Al.

The method adopted for evaluation of plastic deformation was based on

— the direct observation of slip bands on the polished surface of the sample
S around the SiC particles. The amount of slip 1s a characteristic of the
amount of plastic deformation (when deformation occurs by slip) in a
crystalline solid. Plastic strain can be evaluated if the number of slip
bands and displacement on each band are known. The concept of combined
' platic shear strain y has been introduced, where y is equivalent to

a product of slip ban&pagnsity (N) and the amount of siESS(S), {.e.,

chss =K+ N-S,
where K = coefficient, taking into consideration different crystallographic
situaE%ggs (K= 3). A detailed treatment of y and K 18 given else-
L where « Thus, the method reduces the data &Bifection to the measurements
of slip band densities and their heights fn the area of interest.

: '{ The electropolished A1-SiC disks were separated into three groups: A,
i B, and C. Each group was heated to about 823 K and then cooled as
indicated:
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(a) (b) (c) (d)

Figure 2 - A schematic of the fabrication sequence
of the Al/SiC composite model.

Group A - furnace cooled,
Group B - air cooled,
Group C - quenched in alcohol,

Since the surface of each disk had a high quality polish, slip bands
could be observed around SiC in an optical microscope. The slip band density
and height measurements were obtained from a Zelss Interference Microscope.
Areas containing slip bands were photographed in white light and in green
monochromatic light. Pictures taken in white light gave the actual image of
the slip bands. Pictures of the same areas :aken in monochromatic light
gave interference fringe patterns (Fig. 3). Thus the correlation between
slip bands and interference fringes was established which enabled a
determination of the height of a given slip band.

Experimental Results and Discussion

Bond Strength

The experimental technique adopted in this work for the Al/SiC {inter-
face bond strength estimation was based on the determination of lgcal
stresses dur1?§sglastic deformation under a triaxial stress state 15, the
bond analysis showed that the interfacial stress Oy can be expresced as

o . =0 % Y(ep) , (n

where g_ is the local negative pressure (triaxial tensile stress), Y(e ) is
true flzw stress in tension corregponding to the local average plastic
strain, had the second phase particle been absent. This analysis was based
on the assumption that: (1) particles have an equiaxed shape, and (2)
volume fraction of the second phase {8 small.
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(a) (b)

Figure 3 - Slip bands (a) and interference fringe
patterns (b) of different areas around SiC.

The distribution of the triaxial tensile stress along the radial line
in the plane of the groove was obtained from the theory of stress concentra-
tions on circ%ngrentially grooved elastic bars originally given by Neuber
and expressed**”’ as

o}
T

;c[l-@

where g_/o represents the triaxiality. o, 1is the negative pressure, ¢ 1s
the flow sPress or average ligament stress, "z" i{s equal to the vertica
distance along the z axis and "r" is the half width of the groove (Fig. 1).

71732 at z = 0, (2)
)

Parameters ¢ and a are defined as follows:

1+%+(1 +%)1/2
c = and (3)
2[ 2 +—a—+(l +3)1/2] '
R R
1/2
_ 1+
a = 1/2 ’ (4)

(%)

where "a" 1s the radius of the specimen in the plane of the groove and "R"
is the groove radfius.

m|o

The longitudinal sections of the tested specimen are shown on Fig. 4.
In general, the number of voids associated with debonding of SIC particu-
lates was much smaller than the total number of voids related to the frac-
ture. Several examples of the areas where debonded SiC particulates can be
observed are shown in Fig. 5. Debonding shown in Fig. 5 1s a rather rare
event and {s not typical of Al/Si1Cp fractured samples.

According to the Neuber analysic, the largest negative pressure occurs
at the outer surface of the groove (see Fig. 1). Since, in general, no
separation between the S1C particulates and Al matrix was observed, it {is
reasonable to assume that for Al/SIC bond:
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Figure 4 - Electron micrographs of the different areas
of the longitudinal cross sections of the fractured 1 V%
Al/SiCp specimens. (a) - taken in the vicinity of the
bottom of the groove. No apparent debonding 1s present

at the position of maximum triaxial stress. (b) - taken
Ky below the fracture surface away from the grocve. (c,d) -
{: taken far away from the fracture and represent the bulk of

the specimen.
A
L o > a4y .

rr T P
L: Value of Y(Z') was obtained from stress-strain curve as
i
Y(e ) = — =g = flow stress , (5)
P Af o]

f‘ where Pg will equal the load at failure which will equal 750 kg and A¢ will

equal the area across the grooved region. The values of "c¢" and "a'" we get
from expressions (3) and (4), respectively. At the bottom of the
M. circumferential groove (z = 0) these values are ¢ = 0.48 and a = 0.09.




Figure 5 ~ Electron micrographs of the areas below
fracture surface at the bottom of the groove (a) and
away from {t (b) where debonding was observed.

Substituting Eqs. (5) and (2) into Eq. (1) we obtain:

[¢] = C

rr 172 + o, = 1690 MPa , (6)

c

o r,2

(1-(27]
a

Thus, the lower bound value for Al/SiC bond strength 1s 1690 MPa. This

value is a minimum of 40 times larger than the yield strength of the Al
natrix. Therefore, it can be safely stated that the bond is fairly good.

Plastic Zone Size

The experimentally determined values of combined plastic shear strain
are plotted vs. distance in the form of histogram on Fig. 6. On the

Y 2
sgggsfigure w?zggve a plot of effective straln ¢, which was determined

theoretically The histogram represents the actual discrete character
of the measurement of y . Each horizontal portion of the histogram

corresponds to the avergggsvalue of v s obtained from the increment of the
area of the specimen. cps

The largest combined plastic shear strain y = 1.3% was observed at
the SiC-Al interface in Group A samples. Group EP&Rowed the lowest amount
of strain = 0.99%. 1In addition, the extent of plastic zone (i.e., the larg-
est distance from the interface at which slip bands can still be measured)
was smaller i{n samples from group C than in samples from groups A and B.
This result corresponds to the effect of strain rate (which is proportional
to the cooling rate) on the relative amount of plastic and elastic strains
during deformation. Generally, higher heating and cooling rates will cause
elastic stresses to be largﬁs)and lower heating and cooling rates will allow
greater plastic relaxation .

The height of the slip bands was measured to + 0.1 band interval. This
glves an error of + 0.1 x 0,27 ym = ¢+ 0.027 ym 1in the height values. As was
mentioned before, the slip band density measurement introduce much less i
error, :
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Figure 6 - Theoretical ¢ vs. r and experimental
‘ Y g VS+ T profiles around SiC in Al-SiC composite
y - dIBRE thermocycled between 298 K and 823 K.

' a‘hsﬁsfore, the error range for y ss deternination can be evaluated as
- x 100 = 20 where 0.135 umcgs taken as an average slip band height.

~

.'_‘-f Qﬁlgsis obviously a big range for an error.
. — The resultant profile of the effective plastic strain € around the SiC
S particle and the extent of the plastic zone are shown in Fig. 6. As one can
see p = 1,15 mm, and ¢ = 2.5% at the interface., The theoretical plastic

strain i{s higher than the observed plastic strain, and the theoretical
4 = plastic zone radius is smaller than the observed one. The theoretical
o’ plastic zone size is estimated on the assumption that deformation is

= homogeneous, {.e., uniform around the SIiC particle. In the real case we
have "bursts' of plastic flow in accordance with a particular crystallo-

:,\‘ graphi{c situation. Thus, the extent of the "burst" of plastic deformation

- can be larger than that of homogeneous deformation since the same amount of
plastic flow must be accomodated. The explanat{on of the difference between

", observed and calculated strains can be given as follows. On heating, due to

b differential expansion between Al and S$1C, the matrix tends to pull away
from S1C. 1If the bonding between Al and SiC {s sufficient to resist the
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pulling acction, the matrix undergoes deformatfon proportional to AT of the
cycle, 1If, on the other hand, bonding is weak, the matrix breaks away from
S{C at a certaln temperature TB and subsequent temperature increase has no
effect on matrix deformation since {t i{s now free to expand.

Hot stage observations showed that slip band formation started under
373 K. Accurate evaluation of the temperature at which slip became visible
was not possible because thermocouple {n the hot stage was not sensitive
enough in the temperature range between 298 K and 373 K. It was noticed
that more slip bands were formed on the heating half of the thermocycle than
on the cooling half. The slip band arrangement on the cooling half repeated
the one developed during the heating half. WwWhen the temperature approached
~ 773 K, slip bands began to disappear.

T X Ly e Y Y R Ty T Ty

Another possible explanation of the stoppage of slip band development
is that the Al matrix breaks away from SiC and continues to expand freely
without any restraint from SiC. It is also possible that very fine slip
bands still continued to form (high temperature creep, for example), but we
did not see this due to the limitation in resolution of our optical system.
It should be mentioned, however, that disappearance of the slip bands %Zgre—
sponds to similar observations made by Vogelsang, Arsenault and Fisher in
their in situ TEM investigation of Al-SiC composites. They observed "slip

lines' in thermal-cycled TEM foils, and these slip lines disappeared at high
temperatures.

The fact that slip band patterns formed on cooling repeat themselves
shows that the same slip systeas are engaged in the "reversed" deformation,
proving at least partially that there is a certain reversibility of the
plastic deformation that occurs when the load {s reversed,.

Fractography

The observations from the fracture surface can be divided into four i
groups (almost independent of test method, SiC morphology and volume frac- i
tion of S{C): 1) There appears to be initiation sites, 2) macroscopically )
very brittle but microscopically ductile, i.e., dimple formation, 3) no
indication of fracture of S1C; if the SiC particles are < 10 ym in diameter
4) some secondary cracking.

The observations of fracture {nitfation sites come from three modes;
one ls fracture of large intermetallic inclusions "fish eyes'; second,

clumps of SiC whiskers or particulate and third, void initiation at the SiIC
whiskers or particulate.

Low magnification observations of the fracture surface shows a single
stage appearance. The deep pits of approximately 40 to 100 ym in diameter
can be seen throughout the fracture surface (Fig. 7). Each large pit
contains an inclusion that has a flat surface (this indicates a brittle
character of these inclusions). X-ray analysis revealed a high
concentration of Fe and Cr in these inclusions. Subsequently, these
inclusions had been termed as "fish eyes" (Fig. 8) due to their shape, and
it is believed that they are insoluable intermetallics (Fe, Cr)3 SiAlz.
This compound 1s encountered in 6061l Al cast and wrought structures.
Metallographic examinations of the longitudinal cross-sections of the
fractured halves of the tensile samples reveal a large number of the "fish
eyes" cracked in the direction perpendicular ot the tensile axis, as shown
on Fig. 8. 1It is possible that these cracks can act as the originators of
the fracture.




.
>

Figure 7 - Fracture surface of DWA 6061 A1/20 VX SiCp
. in Té6 condition.

In a whisker reinforced composite material, a cluster of whiskers can
. be observed (Fig. 9). These clusters have the appearance of large voids
(~ 20 ym) containing clusters of fibers that have not been wetted by matrix
during the manufacturing process.

: The macro appearance is that of a very brittle fracture, i.e., there is
‘I very little reduction in area on fracture. However, at high magnification
one can see that the fracture surface consists of very fine dimples, where
) dimple size {s comparable to the size of the SiC particulates (3 to 5 um).
- SiC particulates can be seen inside some of the dimples as shown on Fig. 10.

In general, SiC whiskers or particulates are not readily seen on the
' fracture surface which indicates the presence of the strong bonding between
>; S1C and Al matrix and also shows that fracture of SiC does not take place
- during the fracture of Al/SiC composite.

. At this point an apparent discrepancy between the difficulty of

.. observing $1C particulates on the fracture surface on one hand and a
requirement that each dimple must have a nucleation site (partiles,

- fnclusions, imperfections, etc.,' .n the other hand will be addressed. At

f%: the bottom of the dimples in low volume fraction composite, one can notice

very fine (fraction of the micron) openings as shown on Fig. ll.
Observation of the dimples at high magnification shows that these openings
can be traced to the SiC particulates which can be seen on Fig. 12. Etching

& of the fracture surfgce and more delicate fon sputtering of the specimens in
the chamber of the Auger microscope indeed reinforces this observation (see

o Fig. 13).
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Figure 8 - (Fe, Cr)3
eyes'") on fracture surface (a) and on metallographically
polished cross section of the tensile samples (b,c,d).
Fracture "fish eye" (d) exposed on the fracture can be

S1Al, intermetallics ("f1ish

seen on micrograph (d).
5 VX and 20 VX SicC.

Material is DWA 6061 Al/SiCp -

Volds nucleated in the very small reglion of the Al/SiC interface grow
into the matrix surrounding the particulate as far as interparticle spacing
allows them to do so. Thus, in low volume fraction composite these volds
grow to the size gsomewhere {n the order of one half of the interparticle
spacing as shown on Fig. l4.

On the other hand, in high volume percent composite material, packing of
the particles i{s very tight and, therefore, voids do not have room to grow

l{miting themselves to the size of the particles on which they inftiated
(gee Fig. 15).
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Figure 9 - Cluster of whiskers observed on the fracture
surface of Silag 6061 Al/SiCw - S VX tested In annealed
condition.

Figure 10 - Typlical appearance of the fracture surface
of DWA 6061 Al/SiCp composite material viewed under SEM
at high magnification,

In addition, it should be pointed out that during the manufacturing
process not all SiC whiskers or particulates form a satisfactory Al/SiC bond

and, therefore, there is a number of pre-existing voids that do not have to
be nucleated to participate in fracture process.

It seems that aforementined observations can be related to the fracture
toughnese of the composite materfial. The more room for the void to grow,
the higher the resistance of the materifal to fracture.

P e st ﬁ,_ PR - n L Tage " ™ WY f. N-r_\w’,\-v -.:'-(,. "‘Pq'- . WY ,"< __,\-,\.;\_.‘;.’-(‘
PCCLIRIMTRIERE i .k‘;‘. (X A t',l.s!n.,.v:nn'!lqs?l.t. OO om0 0 I T O W s i s




"U"'"'"'ﬂ"'v‘""""'v'vvwnutvtw'u'vvvwkuWuwrw-nﬂ"r""'""""-”"rF"r-""“'-"'F"'-"v--“—'-'—'-'--]

jr
S 165

»

L A
P

'
\d
(6)

<.
- Figure 11 - Dimpled appearance of the fracture surface

with fine openings in the bottom of the dimples at low
a0 (a) and high (b) magnfication (1 VX 6061 Al/SiCp).
-
h To further determine {f fracture of the SiC whiskers oyr platelets was
- occurring, several samples were fractured in the scanning Auger microprobe.

- The SiC whiskers which could be found as "pulled out" whiskers or at the
N bottom of dimples were examined, and in most cases Si or C could not be
detected on the whigker. Detection of Si and C was possible only after
considerable sputtering.

L

W Some fine cracks can be observed on the fracture surfaces of many
tensile and/or compact tension specimens. These cracks are oriented

r; perpendicular to the fracture surface and subsequently received the name

14 "gecondary" cracks. Several of them are shown on Fig. 16.
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Figure 12 - High magnification of dimpled fracture
surface reveals SiC particles.

Figure 13 - Chemically etched fracture surfaces of
1 VX 6061 Al1/SiCp composite.

166




167 i

Figure 14 - High magnification of the fracture surface
of 1 VX 6061 Al/SiCp showing the extent of dimple growth
in the course of fracture.

Figure 15 - Very limited dimple growth taking place
during the fracture of 20 VX 606! Al/SiCp.
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Figure 16 - Secondary cracks on the fracture surface

of compact tension test sample of DWA 6061 Al/SiCp —~

25 VX composite mater{al in T6 condition. Both low
(a) and high (b) magnifications are shown.

¥ A

Conclusions

Providing that the above-mentioned assumptions concerning the Neuber
analysis are reasonable (and there is no reason to question the assumptions)
ft can be concluded that the 6061 Al1/SiCp bond strength is at least 1690
MPa. (This is 40 times higher than the yield stress of the annealed 6061 Al
alloy.) It {s thought that debonding can be attributed to the defects dur-
ing fabrication of the composite material. Ductile fracture of low-volume
percent 6061/S1Cp occurs by void nucleation at SiC particulates and also at
the matrix imperfections (preexisting voids, inclusions, MgSiz, etc.).

From the experimental data obtained conceraning the plastic zone size
and the theoretical model of plastic zone, it is possible to conclude the
following: First, the theoretical treatment of the short composite cylinder
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i
" gave the distribution and e»tent of the plastic stralns, which are {a fafrv
N agreement with experimental results. There {s, however, a disagreement
v between experimental and theoretical values of plastic strains {mmedfately
at the Al/S1C {nterface. Secondly, an A1/S1C bond {s a very fmportant
iﬁ factor influencing the plastic deformation arouad SiC particles.
The fractographic data when examined on a microscopic level gives an
. lmpression of void nucleation and growth on the fracture mechanisms, but the
o observations of volds about SiC is a rare event due to high Al/SiC
s interfacial bond strength.
!l Void nucleation and growth {s identified as the mechanism governing the
Xr fracture process and nucleation part is significaatly supplemented by pre-
existing voids due to manufacturing defects. Growth of the voids {s

. dependent on the concentration of the SiC particulates or whiskers
:3 diminishing almost completely when concentration reaches high (20 VX and
" higher) values.
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