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Variations in consolidation and working conditions for the processing of Fe,Al+TiB, and
the use of fine vs coarse powder caused variations in microstructure which were found to be the
major reason for variation in strength and ductility. In general, the finer and more cortinuous
grain structures, derived from a fine TiB, dispersion, produced the best combination of
mechanical properties.

The Fe;Al alloy produced as rolled plate frora a rectangular extrusion was found to have a
tensile strength of 140 ksi (965 MPa) and an elongation of 15% to 16%. The alloy rolled at 1150F
(621C) recrystallized at about 1200F (6560C) and transformed from an aligned to an equiaxed
grain structure with an elongation reduced to about 8%. In contrast, the Fe,Al+TiB, alloy
produced ir rolled plate had a tensile strength of 180 ksi {1241 MPa) and an elongation of 11% to
15%. The alloy rolled at 1500F (815C) resisted recrystallation (abnormal grain growth in this
case) to 2bout 1800F (982C) and this temperature was raised to over 2000F (1093C) by alloying
or by working under conditions which limited residual stresses. Abnormal grain growth
significantly reduced the ductility of the alloy.

Investigation of &lloys containing aluminum concentrations beyond that in FejAl, to effect
an increase in elastic modulus, produced a material with a relatively high specific elastic
moduivs. An Fe-18.3A1-8Cr-2Mo-1.9TiB, (wt%) alloy, in the as-extruded condition, was found to
have a tensile strength of 163 ksi (1124 MPa), an elongation of 6% and a specific modulus of 145
(10)® in. (based on a density of 0.228 lb/in? (6.26 gm/cm®%)).

Three types of alloys based on Fe-Mn-Al were prepared and evaluated in the austenitic
alloys development program. The first type relied on the precipitation of an ordered perovskite
carbide for strength. A second series was modeled after the austenitic iron-based superalloys
from the FeNi(Cr)Al system. The final alloy was taken from development work performed in the
1950’ designated BA36-1. Significant strength and creep resistance were achieved in the
austenite:perovakite alloys. It was found that modulated structures could be produced by a
variety of thermal treatments. Slow continuous cooling from high temperatures resulted in the
most stable structures with the best balance of propertics. In certain alloys, the formation of
ferrite:perovskite phase mixtures by a cellular reaction reduced the creep capability. The use of a
more stable austenite to suppress this transformation coupled with the addition of small amounts
of refractory elements yielded alloys with excellent creep properties. F.owever, workability and
ductility of such alloys were found to be limited and future efforts for enhancing these properties
by processing and alloying changes were needed. For alloys in the second series, stabilization of
the L1, phase in an austenitic matrix was proved difficult arnd poor creep resistance was observed
due to the formation of an ordered bee phase. The use of higher titanium levels for stablization of
the L1, structure, instead of the bee phase, was also investigated. The excellent creep resistance
of Allov BA36-1 was verified. However, it was also obsaerved that exposure of this alloy for long
periods of time (over 200 hours at 650°C) or at higher temperatures would reduce the creep
resistance drastically which could be correlated with dissolution of a coherent precipitate and
formation of a plate-like phase in this al oy.

- |

UNCLASSIFIED

SECURITY CLASSIFICATION UF THIS PAGE




O R R PN AL L TOR IR RO R LSRR RO R VOO OO MO O OOFOC NSO OO XN MO MO OO N CF N

2mc

N 0 N N N I R e A Ty R T R T A R T R T R P R R P DRV P Gt 0 00 1ok, Y T R G

FOREWORD

This fiasl technical report describes the work performed by Pratt & Whitney/Engineering
Division (P&W/ED) of the United Technologies Corporation (UTC) for the Air Force, Wright-
Patterson Air Force Base, Ohio under Contract F33615-81-C-5110. This report covers the period
1 September 1981 to 31 January 1386. It was assigned internal report number FR-18807. The
contract wis administered under the technical direction of Mr. W. R. Kerr of the AFWAL
Materials Laboratory.

Task I and 1l efforts were performed at P&W/ED -— South with Dr. C. M. Adam and
Mr. E. R. Slaughter acting as principal investigators, and Mr. V. R. Tiompson responsible for
the production of rapidly solidified (RSR) powder. Task III was performed at P& W/Engineering
Division — North under the direction of Dr. M. J. Rlackburn with Dr. C. C. Law as principal
investigator. The program was administered at P& W/ED-S by Dr. R. G. Bourdeau.

This/feport does not have military applicat
iorsh Distribution Statement A is ccrrect.
Per Mr. W. R. Kerr, AFWAL/MLLM
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SECTION |

INTRODUCTION

This program addressed the development of iron alurinide base alloys by rapid
solidification rate (RSR) and the determination of their potential for use in aircraft turbine
engines as alternatives to high chromium steels and nickel-base alloys. The program was an
initial 36-month effort followed by a 12-month extension divided into three concurrent tasks
performed at Pratt & Whitney/Engineering Division-South (P&W/ED-S) and Pratt &
Whitney/Engineering Division-North (P&W/ED-N). A fourth task performed at TRW on the
development of Fe,Al alloys was part of a total program aimed at the development. of this unique
class of alloys.

The potential of these iron aluminides rests on (1) a lower density than iron and nickel-base
alloys, (2) excellent oxidation/sulfidation resistance, (3) no critical element requirements, and
(4) a lower base cost than currently employed elevated temperature alloys. The overall goala of
the program were to investigate cnd define thermomechanical processing requirements for
optimum mechanical properties, and to modify a base composition for improved elevated
temperature properties while enhancing or retaining base alloy ductility and processability.

Task | was a 24-month initial effort and a 12-month extension performed at the
P&W/ED-S. It was a process and model development task employing Fe,Al with and without
TiB,. Under a prior DARPA/AFWAL program (F33615-77-C-5114), TiB, had been found to be
effective in retaining a fine grain size for improved thermomechanical processing characteristics
and mechanical properties. The information generated during this task was to provide a basis for
the thermomechanical processing of alloy modifications investigated in Task III and IV of the
total program. The extension to Task I evaluated the effects of titanium diboride dispersions on
the tensile properties, and especially, the specific modulus of two alloys having aluminum
contents significantly greater than that in Fe, Al

Task 11 was a 36-month effort and a 12-month extension performed at P&W/ED-S for the
production of Rapid Solidified Iron Base Powders which were delivered to the AFWAL Materials
Laboratory.

Task III was a 36-month effort conducted at P&W/ED-N for the development of austenitic
iron aluminides for use at temperatures up to about 1200°F (650°C). Alloy compositions based on
the Fe-Mn-Al ternary phase diagram werc chosen for this study. Although Fe-Mn-Al alloys were
investigated about 20 vears ago (References 1 and 2), the physical metallurgy of the alloys and
the strengthening mechanisms were not studied in any detail. Renewed interest for deveiloping
the Fe-Mn-Al as a low-cost alloy to replace 12 wt% Cr steels was inspired by a recent discovery of
a nonequilibrium ordered phase with LI,-type structure when the alloy is rapidly quenched from
the melt (Reference 3). The ordered alloys have high strength and good ductility. Such structures
could also Le anticipated to give superior creep resistance. Thus, another one of the goals was to
gain insight into the effect of alloying additions on precipitation processes in Fe-Mn-Al alloys,
and to study the development of ordered phases in the Fe-Mn-Al alloys. Two types of processing
were also evaluated during the studies. The physical metallurgy and strengthening mechanisms
were investigated using cast and wrought alloys. The formation of ordered phases was studied
using powder alloys.

Cast and wrought alloys can be designed to form carbides as the particle dispersion
strengthener; some background information was available for this approach. Other potentially
useful phases for strengthening include intermetallics and borides; however, basic information of
such compounds in the Fe-Mn-Al system was lacking. Therefore, a preliminary microstructural

—

A ) AN, ey ) PRI )
N 0 A N N B N e 2 S A 2 U 2 G 2t S Ut H U 0 SR LR G TV T R e RS

1
o . T - ST NS .f
\_n“'..l-‘.nl‘_; ‘e .A.?.A.‘Lh al



g e ol g gt gt gl et gt gt ot e Al AR At g Lo il Al Al F a0 SR Fa R Tad S f - ot g a8 it et Al al Sab Sa¥ Fa¥ Cal NaP p® tit, g ¥ pVo S, aVo fve o Roa ia & a g a d o b LA R A d oty s

study was conducted ‘o search for suitable interinetallic phascs based on the recent Japanese
work. Older German studiss also providad additional guidance. To gain basic familiarity with the
aystem, promising alloys studied in the past, which could also serve as useful alloy bases, were
examined. Two alloys were formulated from the programs of the 1950's, and gre described in
Section III of this report.

As stated previously, the major objective of Task I1I was to identify useful alloys for use at

intermediated temperatures. Any alloys must also exhibit adequate corrosion resistance in a gas

f turbine environment if they are to replace existing alloys. A second goal of this program was to
study the oxidation and sulfidation resistance of the Fe-Mn-Al allnys.

This is the final technical report on contract F33615-81-C-5110. |t summarizes the vork
performad during the period 1 September 1981 to 1 February 1986.
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SECTION i

[ Nr N B SN

PROGRAM PLAN AND SCHEDULE

PROCESS AND MODEL DEVELOPMENT — TASK |

Interest in iron-aluminum alloys was stimulated by the finding that a fine and stable
titaniuia diboride dispersion could be produced by rapid solidification rate (RSR). The TiB,
digpersion in an FejAl alloy stabilized u fine grain size for increased high temperature strength
while it enhanced the ductility of the ailoy. As a result, iron aluminides which possess very good
oxidation resistance, contain no strategic elements, and are 15% to over 25% lighter than nickel
or iron base alloys, may be considered for gas turbine engine appiications.

Rapidly solidified powders of iron-aluminum alloys containing titanium and boron consist
of dendrites of ferrite with TiB, dispersed in interdendritic regions. The diboride particles are
very fine (100 to 300 angstroms), but they are segregated to some extent. In comparison, the
consolidated and worked powder product contains slightly coarser diboride particles, but the
particles appear to be wmore uniformly distributed (Reference 4). It was proposed that
deformation during metalworking tends to randomize t}.2 dist-ibution, since deformation occurs
by shear, and shear implies mixing. Observations of the TiB, dispersion in izon al* inum slloys
suggested that two possible conditions that may he related to the amount of mixing
(deformation) are required to randomize the distribution. One is the magnitude of the distance
between centers of similar regions, the interdendritic regions. The second is the ratio of the
distance between particles in a uniform distribution to the corresponding distance in the original
segregated .vions. Comparison of powder and consolidated materials produced on the program
aimed at verifying these assumptions.

d P adas deddaeall eoaeB R wwad ST g

g
g

Task I was divided into two subtasks. The first entailed definition of processing variables
from the characterization of rapidly solidified powder structures through consolidation and post
working to material characterization. The second was concerned with process model develop-
ment and niodel verification for achieving optimum microstructure and mechanical properties in
mill product forms produced {rom rapidly solidified iron aluminide powders.

Bt SR

As shown in Figure 1, Task I was completed during CY 1983, and Tasks Il and I11I during
CY 1984. An extension to the program covering Tasks [ and II was awarded, and the schedule
starting 1 February 1985 is shown in Figure 2.

Task I was extended to evaluate the effects of TiB, on the microstructure and mechanical
properties, especially specific modulus, of two solid solution alloys with aluminum concentrations
greater than that in Fe;Al. Results obtained on this program and on P&W programs revealed
that the specific modulus of Fe-Al alloys could be increased from 112 (10)6 in. to 129 (106 in. by
increasing the aluminum concentration from 25 at.% to about 32 at.% (13.8 wt% to over 18 wt%).
However, the ductility of the alloy decreased with increasing aluminum concentration to about 4
or 5% elongation. Since there is considerable interest in high specific modulus alloys for the |
shafts of high speed turbine engines, a goal was established to develop an alloy with a specific |
modulus of at least 140(10)6 in. and an elongation of 10%. ‘
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Task | Evaluate Disp
Produce Alioy Powders J
Consolidate and Work
Evaluate Structures
Mechanical Tests

Task || Powder for AFML
Produce Powder

— g —

L)

Reports
R&D Status, Cost and
Schedule
interim Technical | \V/
Draft Final | |
|

Final
IIIJIIIIIIIIIY

sirimlalmlatalalslolntofulrimlalml
CY 1985 CY 1986
FOA 298472

Figure 2. Zxtended Program Schedule for Tasks I and 11
POWDER FOR ALLOY DEVELOPMENT — TASK Nl

The basic concupt of a rapid solidification process to achieve a rapid guench rate in pilot
scale quantities of material was conceived at P&W in 1974. The device shown schematically in
Figure 3 became operational in early 1976, The process has since been used to inveatigate a
number of alloy systems in several IR&D, DARPA, and AFWAL/ML sponsored programs, and is
thoroughly discussed in the interim final report, AFWAL-TR-80-4051, to contract
F33615-76-C-5136.

The technique uses rotary atomization to convert an induction melted alloy into high
velocity droplets which are quenched to the solid state by cross tlowing gas of high thermal
conductivity, typically helium. The exact quench rate achieved depends on a number of factors
includirg: (1) ges type, (2) temperature and pressure, (3) thermal properties and temperature of
the droplets, (4) and droplet size and velocity. Theoretical mean quench rates calculated for
typical processing conditions and for several alloys are shown in Figure 4. Depending on the
particle size, range produced, and the quantity needed for study, variations of up to two orders of
magnitude in quench rate may be obtained (from about 10* to about 10° C/sec mean quench rate).

P&W was to produce by its RSR powder process a specified number of allcyed powders for
delivery to AFWAL/ML. Individual powder lots were to be screened to —80 mesh size and
packaged in a vacuum. The requirements were:

s 25 kg/5b b minimum of Fe;Al
* 25 kg/55 |b minimum of FeAl
. 8 kg/18 1b minimum of 12 alloys specified by AFML.
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FD 218660

Figure 3. The P&W AGT 400000 Rapid Solidification Rate Powder Rig

An additional six alloys were added for processing during the fllcw-on 12-month
extension.

AUSTENITIC IRON ALUMINIDES — TASK M

Extensive work (References 1 and 2) in the 1950’s and the early 1960’s showed that Fz;Al
based alloys had the potential to replace titanium alloys end some stainless steels. However,
reservations over the ductility of these ferritic materials at !ower temperatures prompted the
development of a second alloy series with an austenitic structure. It was shown that the best, and
lowest cost system for such a developrient, vvas Fe-Mn-Al. Fo.: reasons discussed below, the
optimumn abuninum content was about 7%.

The earlier studies showed that alloys of the ®.asic type Fe-30Mn-7Al had excellent tensile
ductility and intermediate strength. It would seem desirable to add more aluminum to the system
to improve strength and more importantiy creep rupture capability. As shown ir Figurz 5, this
was restricted by the extent of the austevitic phase field in the Fe-Mn-Al system. It seems
apparent that it would be advantageous to expand the austenite stability region, and to find
alloying additions that produce rore desirable bonding phases to those that occur in the ternary
system. Alloying additions were evalueted in earlier development programs which imnproved the
creep properties considerably, but as the alloys became more coniplex, they tended to be more
difficult to process. The creep rupture properties of the best alloys, civca 1960, are compared with
other materials used in gas turbine engines in Figure 6. It can be seen that creep capability is

intermediate between the best 12% Cr sieels, for example, H46, and the iron-based superalloy,
A286.
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Figure 4.  Predicted Mean Cooling Rates Versus Particle Size for the P&W Rapid
Solidification Powder Rig
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Figure 5. Fe-Mn-Al Ternary Diagram at 1400°F
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Figure 6. One-Hundred-Hour Specific Creep Strength of Fe-Al Alloys and Commercial
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Strength and creep capability of the alloys can be improved by several methods; one of
which is by increasing the aluminum content which, as mentioned beforse, can only be tolerated if
the extant of the sustenite phase field is expanded. One way to accomplish this is by the addition
of austenits stabilizsing eslements. However, Ni, Co, and Cu, which extend the austenite field in
the Fe-Cr-C system, surprisingly had little effect on the ferrite/austenite relationship when
added to Fe-Mn-al-C elloys in amounts as high as 10% (References & and 6). In view of this
result, it appeara that a different approach would be more fruitful. Schmatz and Chakrabarti
(References 6 and 7) have shown that the austenite field extends slowly to higher Al with
increasing tempsratures. Thus, it msy be possible to obtain a higher Al austenite by rapid
solidification techniques. Indeed, a nonequilibrium NizAl type compound has been produced
from Fo-Mn-Al-C systems by splat quenching (Reference 8), and such compounds have been
produced in compositions of nresent interest, for example, Fe-35Mn-11A1-2C. These nonequilib-
rium compounds were found to have high strength and good ductility. The ordered structure
should also be beneficial for creep resistance by anulog with A286 and other superalloys.
Therefore, it appears that rapid solidification, per se, offers the potential of achieving novel
microstructures in Fe-Mn-Al alloys with accompanying property benefits.

Fe-Mn-Al alloys can alsv be strengthened, and can be made more creep resistant by
precipitation of fine, thermally stable particles. Two types of particles can be considered for the
Fe-Mn-Al systems: intermetallics and aonmetallics, such as carbides, borides, and sulfides. The
B;A compounds with LI, type structures are the most useful intermetallics for strengthening
austenitic iron alloys due to the equiaxed morphology, small interparticle spacing, coherency
with the lattice and the high ductility of these phuses compared with those containing other
precipitates (Reference 9). However, no phase of the B;A type has been found in which the B
element is Mn or Fe, Table 1. under equilibrium conditions. The most likely phase to occur in
Fe-Mn austenite with a third transition element, such as titanjum, is the B,A Laves phase which
has a strong tendency to form continuous precipitates along grain boundaries resulting in
embrittleraent and little strengthening at high temperatures (Reference 8). It is not known to
what extent. the presence of 7 to 10 wt% Al changes the type of intermetallics, However, it has
been demonstrated that intergranular precipitation of the Fe,(TiMn) Laves phase can be avoided
by mechanical working prior to aging, to introduce a demse distribution of heterogeneous
nucleation sites, and also provide a defect structure to accclerate the diffusion process. The
resulting microstructure is a uniform dispersion of fine Fe, (‘TiMn) particles which resisted
coarsening at 1500°F (816°C). A rather large enhancement of the mechanical properties was
obtained from the thermomechanically processed Fe-Mn austenite (Reference 1). Therefore,
additions of transition elements to the Fe-Mn-Al system, together with thermomechanical
treatment, is another potential method for improving the strength and creep vesistance of
Fe-Mn-A! alloys.

TABLE 1. OCCURRENCE OF PHASES IN BINARY AND TERNARY TRANSITION
ELEMENTS SYSTEMS (REFFRENCE 9)

A Element
Group IV Group V Groun VI
B Transition Element Ti Zr Hf |4 Nb Ta Cr Mo w
Mn BsA B,A B,A B,A B.A
BA
Fe B,A B,A B,A B,A Bya B,A B,A
BA BA

2MmcC

As shown in Figure 7, this task was divided into four parts. Three subtasks were performed
concurrently in the first 24 months of the program, and the results were used to formulate alloys
for the scale-up effort conducted in the final year.
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Attempts to change the corrosion characteristics of Fe-Mn-Al alloys were based on the
additions of limited amounts of chromium to the alloys. Corrosion resistance in saline
environments and resistance to low melting salts were evaluated using standard methods. Alloys
were produced as castings for this segment of the program.

To form a uniform dispersion of fine carbide particles, a strong carbide former was required.
In ferritic steels, the carbide forming tendencies in the order of increasing intensities are Mn, Cr,
Mo, W, Th, V, Nb, Zr, and Ti. The stability of carbide particles with respect to coarsening
depends on, among other factors, the surface energy between the matrix and the carbide phase
which, in austenitic steels has been correlated directly with the lattice misfit between the carbide
and the matrix. The smaller the misfit the smaller the carbide ~ize and the slower rate of
coarsening, resulting in higher creep strength (Reference 2). Single or combined addit.uns of
small quantities (0.01 to 0.1%) of N, B, and P are also effective in producing a uniform dispersion
of fine carbide particles in austenitic steels (Reference 3). Other types of nonmetaliic
precipitates, such as borides and sulfides, can also enhance strength and creep resistance if a
uniform dispersion of very fine, dimensionally stable particles can be produced. It is considered
that rapid solidification, mechanical working, and judicious alloying additions are essential for
achieving such a particle dispersion.

The major screening effort to define useful alloy additions was performed on castings. The
choice of alloy compositions were based on the principles outlined above and included alloys
strengthened by intermetallic particles, nonmetallic particles, and substitutional solutes.

Rapidly solidified powder was used for the third part of the initial evaluation. Alloys were to
be chosen to: (1) check the occurrence and stability of metastable LI, phases; and (2) evaluate the
processability and properties of the best alloys identified in programsa conducted in the 1950s
and 1960’s.

The program schedule for Tasks 1, 2, and 3 was shown in Figure 1.
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SECTION I

RESULTS AND DISCUSSION

PROCESS AND MODEL DEVELOPMENT — TASK |

Powdar Processing and Evaluation

The FegAl+1.93% TiB, and Fe,Al billet stock obtained in approximately 350 pound lota
from Certified Alloys was processed to powder in the P&W 50 to 250 pound capacity atomization
apparatus (AGT 400000).

The following quantities of powder were prodused for Task I process development atudies.

|
: Run No. Alloy ~80 Mesh, b
| 722 FejAl + 1.93 30
TiB,
723 FegAl + 193 92.6
TiB,
724  Fe,Al + 1.93 139.8
'TiB,
127 Fe,Al 15
729 Fe,Al 70

The +8) mesh powder fraction which contained coarse aterial produced during start up
transients and which amounted to lesa than 6 pounds per run was discarded. The first powder
run (722) was satarated with water by a water line break subseguent to atomization. But the
powder was uvsed to determine the effects of exposure to water and of post outgassing heat
ireatments.

On a poured weight basis, the yield of —80 mesh (—177 um) powder was high as 84%. The
powders were acreened with precision sieves, and the results are shown in Figure 8. The powder
size distribution of FejAl with TiB, (alloys 723 and 724) was similar to that of Fe,Al (alloy 729)
and the apparent difference with the size distribution for nickel-base alloys was more a result of
the use of precision and finer sieves than hacance f allcer composiliva. The powder was also
separated into three size fractions with about 60 wt% of the powder from ~120 to +230 mesh for
the bulk of the studios on consolidation and post working and the remainder split between a fine
and a coarse size fraction to determine the effects of solidification rate on microstructure and )
mechanical properties. N

In scanring electron microscope (SEM) analysis, the powders were seen to be spherical
with some elongated cylindrical particles and fragments of broken particles especially in the i
larger sizo fractions. As shown in Figures 9 through 12, the surface of the Fe;A' + TiB, powder ;',.q
particles are featureleas to 5400X in particles less than 35 microns in diameter. A very faint <
cellular type structure appears in some of the €0- to 65 micron particles and in the 125- to .
150-micron range a few particles reveal a dendritic substructure. In comparison, the surfaces of o
the Fe;Al powder particles shown in Figures 13 through 16, are strongly cellular or
microcrystalline in the fine 15-micron size and dendritic in the larger particle sizes. %
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Figure 8.  Particle Size Distribution of the FeyAl and FeyAl + TiB, Alloys Produced for
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Figure 16. SEM of the Surface of —150 +125um Fe,Al Powder (Alloy 729)
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The internal microstructure of the Fe;Al + TiB, powder was found to be dendritic with an
optically unresolved interdendritic phase in all particle sizes but with possibly a mixed dendritic
cellular structure in the finer particle sizes as shown in Figure 17. The microstructures of the
Fe,Al particles were very difficult to etch because of lack of coring or change in composition
during solidification. The cross sections, shown in Figure 18, revealed a multigrain structure
except for the finer particles which consisted of many single-grain particles.

: The major structural difference between the two alloys was a finer dendritc or cell size
- spacing in the alloy with TiB,. The secondary dendrite arm spacing for Fe,;Al (alloy 729) varied

from approximately 1 micron to 3 microns for 15- to 150 micron diameter particles, while the
| spacing for Fe,Al + TiB, (alioy 724) was about half that size varying from 0.5 to 1.5 microns for
| the same particle size range. As in other alloy systems, including nickel- and iron-base alloys,
dendrite size was related to alloy composition. In the iron aluminide, the adcition of titanium and
boron produced a finer microstructure.

Transmission electron microscopy (TEM) on prepared thin sections of powder samples was
carried out, This work showed that the Fe;Al + TiB, powder ordered as the B2 phase on
solidification. The FejAl (alloy 729) powder was analyzed for lattice parameter variation as a
function of powder particle size by conventional X-ray powder diffractometry. These lattice
parameters, shown in Table 2, indicate that the rapidly solidified powder has a disordered B2
structure. There was evidence of a very weak (100) diffraction peak in all powder size fractions
indicating that some attempt at stractural ordering had commenced during the period of time
taken for the powder to cool from the B2 phase field to room temperature, There was no change
in lattice parameter as a function of particle size over the range of diameters from 15 to 150
microns. In alloys containing TiB, (alioy 724), some evidence of supersaturation in the B2 lattice
was apparent in powders of the finest size examined (—45 to +35 micron size fraction),
presumably due to increased solidification velocity in these fine powders and the associated
solute trapping of titanium and boron.

For the production of larger quantities of powder required for the processing of wrought
material in larger cross sections for transverse and fracture toughness property measurements, a
newer and larger 12-foot diameter atomization device (AGT 5000000) was employed. With this
system, over 300 pounds of Fe;Al + TiB, powder were produced. The powders produced in hoth
atomization systems were similar except for the minor differences noted as follows.

Initially, it was planned to use a —140 +230 mesh powder size fraction for the bulk of the
processing study with the finer (—230 mesh) and coarser (—80 +140) mesh powder for a cursory
evaluation of particle size or cooling rate on microstructure and mechanical properties. With the
larger quantities of Fe,Al + TiB, powder available, it was possible to carry out a more extensive
study of cooling rate effects while providing sufficient material for large extrusions from fine
(—270 mesh) and coarser (—80 +140 mesh) powder size fractions. Approximately 50-pound
quantities of each size fraction were consolidated by extrusion in 7-inch diameter cans to provide
the cross sections of required fracture toughness and other property measurements.

The surface characteristics and appearance of coarse (—80 +100 mesh) and fine (—270
mesh) powder size fractions produced in the larger 12-ft diameter device are shown in Figures 19
and 20. The powder is spherical with some broken fragments of larger particles in the finer
powder. However, the greater difference between the two size fractions is in their surface
structure. The coarser (—80 +100 mesh) powder has a well defined cellular/dendritic structure
with a cell size in the range of 1 to 3 microns while the finer (—270 mesh) powder structure is too
fine to resolve at the same magnifications. Comparing the structure of this powder with the
structure of powder produced in the smaller atomization device, it appears that a coarser
microstructure was produced in the larger atomization device. The Fe Al + TiB, alloy produced
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in the amaller system had a carbon content about 10 times that in the larger system while the
solidification rate, which is known to be related to the velocity of atomized droplets through a
helium atmosphere, should be the same for both atomization systems. Therefore, it is believed
that the difference in structure, which was observed, is probably due to the difference in the
composition of the alloy.

The microstructure of the fine (—270 mesh) and coarse (—80 +100 mesh) Fe;Al + TiB,
powder produced are shown in Figures 21 to 23. The solidification microstructure, which was
correlated to powder particle diameter, was determined by the solidification rate. The extremes
in structure for Fe;Al + TiB, are seen in Figure 21 with a small 20-micron diameter particle
attached to a large particle some 150 microns in diameter. Also shown in Figure 21 is an example
of porosity and/or particle entrapment which has been observed in RSR powder. Some gas
(helium) porosity can be 2xpected as a result of entrapment during spheroidization especially in
non-filament degradation mode (for example, the film degradation mode). However, particle
entrapment also takes place and to a greater extent than might be expected. It was not
uncommon to observe fine solidified droplets embedded in larger powder particles but often these
droplets were removed during metallographic preparation. Nevertheless, porosity resulting from
helium gas entrapment can occur especially in coarse powder, and eliminating such porosity may
be accomplished most readily by use of the finer powder size fractions.

The differences in structure between fine (—270 mesh) and coarse (—80 +100 mesh)
powders are shown in Figure 22. The two coarse (—80 +100 mesh) particles in the figure have
different structures but on closer examination it is seen that, except for the presence of large
primary deni:ites in one of the particles, the secondary dentrite arm spacing is reasonably
uniform. The dendrite arm spacing of the finer 50 microns (—270 mesh) particle in Figure 22 was
enlarged in Figure 23 and compared to the larger particles. The difference in secondary dendrite
arm spacing was found to be about three to one. However, as shown in Figure 24 for two different
randomly selected particle sizes, the dendrite spacing may not appear to be that different and as
a result a number of particles must be examined to obtain a true correlation between particle size
and dendrite arm spacing. For the powders produced, the typical structures shown in Figure 23
gave a value of 1 micron for the finer 50 microns (—270 mesh) particles and 3 microns for the
coarser 160 microns (—80 +100 mesh) particle. In subsequent consolidation and working studies,
an attempt was made to correlate powder particle size and structure with final wrought structure
and mechanical properties.

The lattice parameter of the Fe Al + TiB, alloy produced in the larger atomization system
was essentially constant for powder sizes from —270 mesh to —80 +100 meca. The FejAl + TiB,
alloy produced in the smaller system (alloy 724) gave some evidence of supersaturation in the B2
lattice in —270 mesh powder. However, this was found only in very fine 35- to 45-micron
particles. The lattice parameter of 2.899 angstroms (A), measured for the powder produced in the
larger system, was essentially the same as that of the —270 mesh powder size fraction produced in
the smaller system.

The composition of the Fe;Al + TiB, produced and employed for thermomechanical
processing during this period has the aim and measured compositions listed in Table 3. The
composition of each batch of powder was measured by atomic absorption, and in a few cases, by
an inductively coupled plasma emission method. The measurements by the two techniques are in
good agreement and measured compositions are on the average close to the aim composition.
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TABLE 2. LATTICE PARAMETER OF IRON ALUMINIDE FOWDERS AS A
FUNCTION OF PARTICLE SIZE

; Fe,Al, Alloy 429 FeAl + Ti8,, Alloy 724
- Size Fraction, pm Lattice Parometer (A)
-150 +126 0.2827 + 0.0001 0.2896 + 0.0001
=75 +70 0.2896 + 0.0001 0.2897 + 0.0001
, ~65 +60 0.2898 + 0.0001
Lo -50 +45 0.2885 + 0.0001 0.2808 + 0.0001
: —45 +35 0.28968 + 0.0001 0.2896 + 0.0001
-35 +30 0.2397 x 90.0001
-30 +20 0.2897 + 0.0001
-20 +15 0.2897 + 0.000)
-15 0.2897 + 0.0001
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SEM of Fine (—270 Mesh) and Coarse (—80 + 100 Mesh) Fe,Al + TiB, Alloy Powder
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-80 +100 Mesh

10 um

Microstructure of Fine (—270 Mesh) and Coarse (—80 + 100 Mesh) Fe,Al + TiB, Powder

-270 Mesh
-80 +100 Mesh
Figure 22.
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Figure 23.  Microstructure of Fine (- 270 Mesh) and Coarse (—80 +100 Mesh) FezAl + TiB, Powder
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TABLE 3. COMPOSITION OF THE Fe;Al + TiB, ALLOY PRODUCED DURING
THIS REPORTING PERIOD — IN WEIGHT PFRCENT

Run No. Fe Al Ti B
II3* 85.6 123 1.55 0.55
113 84.87 13.0 1.55 0.58
116 84.51 13.49 145 0.65
17 84.2 13.99 1.35 0.46
118 84.03 13.99 1.45 0,53
119 83.49 14.49 145 0.57
1110* 83.9G 14,00 1.56 0.49
mo 84.13 13.99 1.40 0.48
AIM 84.39 13.6 141 0.6

*Inductively coupled plasma — others by atomic absorption.
! 2n1c

CONSOLIDATION AND WORKING OF FesAl
Laboratory Scale Processing

The consolidation and working of Fe;Al was carried out under the conditions specified in
Table 4. The tabie was arranged to show the consolidation by HVC and extrusion and of working f
‘ by swaging, roiling, and forging. Included in the table are conditions used for the processing of ‘
FeyAl + TiB, produced from two lots of powder.

TABLE 4. CONSOLIDAT'ON AND WORKING OF Fe,Al ALLOYS !

Fe,Al (729)

Fe,Al + TiB, (723)

FeyAl + TiB, (545)

] HVC *+ 1700°F (927°C) — 15 ksi —
| 2 br

t

‘ 2000°F (1093°C) — 15 kei 2
t hr
\

RIP e 2000°F (1093°C) — 15 ksi
Extrude ¢ 1700°F (927°C) — 4,1

* 1750°F (945°C) — 10/1
¢ 1950°F —10/1

Extrude + Swage * 1750°F (945°C) — 10/1 <
1250°F o 1150°F — 6/1 and
3.7/1

* 1950°F — 10/1 + 1250°F to
1150°F — 6/1 and 3.7/

HIP + Roll *  2000°F + 1350°F wo 2000°F —
NG
*  2000°F + 2100°F — 80%
* 2000°F + 2100°F — 50% +
1360°F + 1150°F - 90%

Extrude + Roll ¢ 1760°F (945°C) — 4/1 +
1350°F to 1150°F -- 90%

Forge

1700°F - "27°C) — 30 ksi —
2 hr
200C"F (1093°C) — 30 Lksi —
2 hr

17M°F (927°C) — 4/1
1750°F (945°C) — 10/1
1950°F — 10/1

1750°F (945°C) — 10/1 +
1700°F (327°C) — 3.5/1

1950°F — 10/1 + 1700°F —
3.5/1

1750°F (945°C) — 10/1 +
1700°F (927°C) — 90%

1700°F (927°C) — 8/1

1700°F (927°C) — 8/1 +
1650°F — 4.5/1

1700°F (927°C) — 8/1 =+
1700°F (927°C) — 0%
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The FeyAl (alloy 729) powder with a —140 +200 mesh size, which had been stored in
vacuum subsequent to its atomization, was consolidated by HVC and by hot isostatic pressing
(HIP). For HVC, the Fe,Al powder was exposed to the atmosphere prior to loading in a
cylindrical die while for HIP the pewder was transferred under a vacuum of 1078 torr to stainless
containers. After filling, the containers were sealed by forging of the filler tube.

The Fe;Al (729) alloy was HVC’ed at 15 ksi (103 MPa) for two hours at 1700°F (927°C) and
2000°F (1093°C). The compacts were fully dense at both teraperatures. However, the lower
temperature compact contained numerous cracks, which followed powder particle boundaries
almost exclusively. The 2000°F (1093°C) compact was free of cracks. Figure 25 shows the
microstructure of Fe;Al HVC'’ed at 1700°F {927°C) after chemical etching with two reagents to
reveal the grain structnre. The prior particle boundaries were clearly delineated, and at both
temperatures, the particle boundaries were found to be effective barriers to grain boundary
motion. At the lower temperature, there were typically multigrains per particle, while at the
higher 2000°F (1093°C) temperature, the powder particles were single grain.

The FegAl (729) alloy was HIP’ed at 2000°F (1093°C) and 15 ksi (103 MPa) pressure for
two hours. Zonsolidation was pe:formed only at the higher temperature to produce stronger
material as shown in Figure 28, howevcr, the material still cracked along prior particle
boundaries. Exposure of the powder i the atmosphere, at least for relatively short times prior to
consclidation, did not appear to affect interparticle bond strength. However, even by processing
under &il inert or vacuum conditione the strength of FejAl consolidated by both HIP and HVC
methods remained relatively poor fci subsequent working operations.

- A 1y s Lt ST MM X RSP P M L KRG A R BB " bl B KX A b BTN e

The Fe,Al alloy extruded at 4 to 1 wus warm rolled without difficulty at 1350°F to 1150°F
(752°C to 621°C) to a true strain of 2.6. In coinparison, rolling of HIP Fe;Al led to early cracking
of the material along prior particle boundaries, Additional rollirg trials failed until the roiling
temperature was increased tv 2100°F {1149°C), initial reduction passes reduced to 5%, and the
bulk of the rolling carried cut in approximately 15% reduction steps to 90% total reduction.
Figure 27 shows the microatructures with a modified glyceregia etch which attacked prior particle
bour.daries. Between 55% and 65% reduction, the prior particle boundaries appeared to berome
discontinuous. As shown in Figure 28, with a kalling’s etch, abnormal grain coarsenirg had
taken place in material rolled to and above 65% reduction in thickness. Figure 29 shows the same
microstructuies at & lower magnification.. The resistance cf the material to abnorral grain
growth aprears to be due to interparticle boundaries, which behave as a second phase in
inhibiting grain growth. However, FejAl, with the grain sizes shown in the iatter figures, is
inherently brittle with tensile elongations generally less than ¢%.

4 v e m om s

The development of a {fine microstructure with a maximum grain size related to the original
pov.der particle size aud to the degree of working was obtained by rclling HIP’ed Fe;Al according ;
to the following schedule. The material was firac rolled at 2106°F (1149°C) to 50% reduction in
thicknese to incroase interparticle bond strength. It was subsequently rolled at 1140°F (621°C) in :
approximately 16% reduction steps to a toral reductior in thickness of 95%. As shown in '
Figure 30, the as-rolled structure annealed for 1 hour at 1150°F (~621°C) was produced by
fiberization of the original powder particles. The average fiber diameter, shown in Figure 30,
agrees with calculated values derived from simply transforming individual powder particles to
fibers. An unexpected finding was that Fe;Al powder hand!~~ entirely in a high-purity ine:t
atmosphere produced relatively stable interparticle bour.. s, which were retained through
extensive deformation.
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Alloy 729 (Fe,Al) — HVC 1700°F/30 ksi —140 +200 Mesh Powde:

Figure 25.
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39

g 271C
2 R ORI SR AR R SRR B




mmmmmmm,wmmmmmm\WWhvwwwn "Nm'lmv.‘duhﬂﬁl”]

FD 251072

At = 55%
M = 80%

— e —
-
-
—
P
A—
—
e "
R Ny
-
—g———
~—
——.

l_J
500um

- g

5
X @
7o)
[] it
1 5
-t
A
\
L]
L}

Figure 29. Aloy 729 (Fe;Al) — HIP 2000°F (1093°C) — Roll 2100°F (1149°C) Kaliing’s Etch




AT, Y | APt B I e il | SR PLrer e r._r....n.

. .‘,*.f-.{'._l, ":.'-y{:_ N

FRVREY

N

LT -.' S N
LN
Aalaa sl

4
AV

PI0L, %S6 01 (D.139) d-0SII NOH — %08 03 (Do6F11) 001G N04 — (Do€801) 40006 dIH — (1v®aq) 6L fony  0€ 2y

R
AN .

€L0i$¢ O3

'.;'.X-
Lot A

wr oZ
—

| Y

WSS
AN

- u

A
't

\"‘ N'\ L)
RN

41
RIS RT

QY

-l - oz swgEe - - A , ...., ~ . b!...l..'r
BN e - ol T WSS o SRR e :

mc

MR Pl A R AR WA T

p g o 8o sl pe, p g Bty A R b b at 2t gl RS Al & o AT Al AR A% alo Al Alo Alo Al Al L1 A e bile Ale Ala _Lia Ale dio biashbacdiedhbadhbinsiadedb bt diiiedh b d e i e d et




mnc

MO EWE NS OTW W WM OWIYW W T r RS TROT ST Ll m ST W T em T W MR R N mm YN WS T WP M ww e mm wm e e wr wm o ww v =

N

As shown in Figure 31, Fe,Al rolled sheet annealed at 1100°F to 1160°F (593 to 621°C) for 1
hour to relieve internal streas had a reasonable degree of ductility; whereas rolled sheet annealed
at 1200°F (649°C) recrystallized and was embrittled. The fracture bend samples exhibited
cleavage failure over the entire fracture surface as shown in Figure 32. No evidence was found of
point initiation from defects.

The FejAl alloy 729 consolidated by extrusion, warm rolled at 1150°F (621°C) to 0.055-inch
thick sheet and annealed at 1200“F (649°C) for 1 hour, was examined by TEM microscopy. This
alloy showed large regions of typically warm worked dynamically polygonized microstructural
areas, with subgrain sizes of 0.1 to 0.5 microns, interspersed with very large areas showing
abnormal grain growth and grain dimensions larger than 156 microns. Figure 33 shows a typicat
dynamically polygonized area, with the accompanying electron diffraction pattern showing
ordered B2 (001) laitice reflections. The average grain dimensions in the microstructural areas
showed evidence of partical recrystallization were 0.3 by 1 to 3 microns with the elongated grain
axis paralle! to the rolling direction. Microscopy clearly showed that abnormal grain growth had
already commenced in this alloy after annealing at 1200°F (649°C) for 1 hour, and that it had
progressed to the point where 15- to 20-micron diameter recrystallized grains had replaced the
dynamically polygonized areas in some 30% of the microstructure examined. Figure 34 shows a
typical area where a large grain of (111) zone axis orientation, adjacent to a heavily polygonized
area typical of the recovered and dynamically polygonized structure, has replaced that structure
by a process of abrnormal recrystallization and grain growth.

CONSOLIDATION AND WORKING OF FejAl + TiB,
Laboratory Scale Processing

The consolidation and working of FesAl + TiB, was carried out under the conditions
specified in Table 4. The structure of alloy 723, after extrusion at 1750°F (954°C) and swaging to
a 0.5-inch diameter rod at the same temperature, is shown in Figure 35. The microstructure of
the alloy was found to be coarser and less fibrous than that of alloys of similar composition
processed under equal conditions under a P&W in-house program. The Fe;Al+TiB, alloy
investigated (Table 5) includes the other alloy compositions (545 and 549) which have the
microstructures shown in Figures 36 and 37. The difference in structure was found to be due to a
relatively high carbon content with excess boron in the 723 alloy. The presence of carbon in the
latter alloy apparently reduced the stability of the boride and its ability to resist grain coarsening
during working. This section examines the difference in the microstructures of these alloys.

The evaluation of FegAl + TiB, alloys was hampered initially by difficulties in preparing
satisfactory inetallogrephic samples. Various chemical etchants and ¢xamination by light and
SEM produced poorly defined structuses where neither the grain structure or even the coarse end
of the TiR, dispersion could be resclved. The most satisfactory metallographic method currently
available consists of etching with a low angle (approximately 5 degrees) ion beam for 24 hours
followed by examination of samples in SEM using the back scatter mode. With this method, both
the grain structure and TiB, dispersion of the alloys could Le compsred.

The microstructure of FejAl + TiB, (alloy 723) HVC’ed at 1700°F and 30 ksi (927°C and
207 MPa) and at 2000°F and 30 ksi (1093"C and 207 MPa) are shown in Figures 38 and 39. The
cellular or dendritic microstructure of as-quentched powder particles, with a secondary dendrite
arm spacing of the order of 1 to 3 microns, is still paitially defined in consolidated material by
the TiB, in interdendritic cell walls. As shown in Figure 38, the smaller powder particles which
were cooled at a higher solidification rate during atomization have the finer dendritic
microstructures. The TiB,, which is imaged but not clearly defined by SEM, appears to be
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coarsening at the higher 2000°F (1093°C) temperature, and a subgrain structure has become
better defined. The principal features of thesc consolidated microstructures include the
following. The prior powder particles are clearly defined by apparent segregation of TiB, on the
surface of the particles and in comparison with Fe;Al with TiB,. the grain size is significantly
finer since it is established by the borides within the powder particles. In addition, the structure
at some of the triple points sppears to have been modified to a considerable extent. Figure 40
shows one of these regions which contains a small undeformed particle adjacent to a larger
particle. The titanium X-ray reveals the increased density of titanium and in all probability of
TiB, in prior particle boundaries. In triple point regions, the absence of titanium suggests that
the region forms by diffusion of iron and aluminum during consolidation. The amall particle in
the triple point area appears to have a finer TiB, compared to that in larger particles.
Consequently, it is possible that finer particle size fractions will produce finer TiB, dispersions in
consolidated material.

The microstructure of alloy 723 extruded 4 to 1 at 1700°F (927°C) is shown in Figure 40.
The identity of the initial powder microstructure was retained by the presence of TiB, in
interdendritic cell walls and prior particle boundaries are delineated by coarsened TiB,. The
stricture became aligned in the extrusion direction and the grain size which appears to be related
to the size of original dendrites is not well defined. As shown in Figure 40, extrusion at 1750°F
(354°C) and a 10 to 1 ratio followed by swaging at 1700°F (954°C) and a 3.5-to-1 ratio produced
an aligned structure where coarsening of the TiB, as well as some grain growth across prior
dendrite arms appears to have taken place. The latter structure, which was clearly defined by
TEM, will be shown in a following section of this report. The microstructure of the lower carbon
containing Fe,Al + TiB, alloy 545 after extrusion and swaging is shown in Figure 41. At the lower
magnification, the alloy extruded at 1700°F (927°C) and an 8-to-1 ratio appears to contain the
same features found in alloy 723, but it has a finer structure. The same 545 alloy swaged at
1550°F (843°C) was found to have a still finer fibrous structure; thus, suggesting that processing
at low temperatures will produce the finest structure.

A direct comparison of alloys 723 and 545 was made with the alloys extruded 10 to 1 and
rolled 90% both at 1700°F (927°C). The results are shown in Figure 42. In general, the
microstructures have aligned and partly recrystallized or coarsened grain structurcs with
agglomeration or coarsening of the TiB, phase. These microstructures do not appear significantly
different. However, in the simple bend test described previously, alloy 545 could be bent to a 2t
radius, without failure while alloy 723 failed in every test. Figure 43 shows the effects of heat
treatment on the ductility of Fe;Al + TiB, (alloy 545) rolled strip. As-rolled or heat treated to
1900°F (1038°C) for 1 hour, the alloy could be hent to a 2t radius, but the neat treatment at
2000°F (1093°C) for 1 hour severely embrittled the alloy. Figure 44 shows a general coarsening of
the structure of alloy 545 heat-treated at the higher temperature.

The {oregoing results point ‘2 the importance of controlling the evolution of microstructure
during working to obtain ductility in this class of alloys. The situation with Fe Al without TiB,
was straightforward since the changes in microstructure with processing, unaffected by a
dispersion, could be defined with standard metallographic techniques. With Fe;Al + TiB, alloys,
which have initially finer structures, the change in microstructure with deformation was far more
difficult to define, because worked structures became ill defined with respect to both grain size
and morphology. The work employing refined preparation and SEM techniques for the definition
of microstructure was performed to define the structure on a macro-scale. The results are
combined with TEM and texture results to fully define the structures developed in Fe,Al + TiB,.
These results are discussed in a following section of this report.
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Figure 31. Bend Samples Employed to Evaluate the Effect of Heat Treatment on
Ductility cf FejAl Rolled Strip
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TABLE 5. COMPOSITION OF ALLGYS

&"Iomin::l. Compogition, wt%__ Anal;:is of Master Heat, ut%
Allny No. Fe Al Ti B Fe Al Ti B c_

3 723, 724 bal 136 149 06 bal 113 15 069 ~500
: 129 b 139 — — bal 143 — - -

: 546 bl 136 133 06 — —~ ~ —  ~50

| 548 wl 33 28 12 -~ - o~ = -
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The processing of Fe,AlTiB, to bar stock to evaluate the effects of processing on stiucture
and mechanical properties was accomplished by extrusion and swaging. Stainless steel extrusion
cans, 2-inch diameter vontaining about 6 pounds of powder each, were filled in a vacuum and
soaked for 2 hours at temperature prior to extrusion. The Fe,AlTiB, powder employed had heen
produced in a small experimental powder atomization device where the carbon content was held
between 50 and 120 parts per million (ppm). The powder size fractions and processing employed
are given in Table 4. The processing was separated into three lots with the first lot, R063 through
RO075, on the processing of —80 mesh powder; the entire powder size distribution. The second lot,
R079 through R100, employed the fine (—270 mesh) and coarse (—80 +100 mesh) powder size
fractions. The last lot, R105 through R108, employed four intermediate mesh size fractions with
consolidation and working performed under the same conditions to deterinine the effects of
varying powder size or solidification rate on alloy microstructure and properties.

Extrusions of all powder lots listed in Table 6 were at a nominal 8-to-1 ratio and subsequent
swaging was carried out to a 75% reduction in area. The first lot of extrusions, R065 through
RO075, were extruded at temperatures from 1700 to 2250°F (927 to 1232°C) to determine the
degree of structural coarsening with increasing temperature. Subsequent swaging was performed
at 1500°F and 2000°F (815 to 1693°C). In some cases, one half of the swaging was performed at
the higher (2000°F) temperature followed by swaging at the lower (1500°F) temperature. In other
cases, the order of swaging was reversed. Subsequent annealing of swaged material was carried
out at the final swaging temperature for times of 1 hour or less as indicated in Table 5. The
second lot of extrusions, R079 through R100, which contained the fine and coarse powders, was
extruded at temperatures of 1600 or 1650°F (871 or 839°C) and subsequently swaged at
temperatures from 1200 to 1600°F (649 or 871°C). The third lot of extrusions which contained
different powder size fractions, R105 through R108, were all extruded at 1650°F (899°C) and
swaged at 1300°F (704°C).

Microstructural and mechanical oroperty evaluations of the material produced in Table 5
are discussed in a following section of this report.

Large Scale Processing of Fe,Al and Fe,Al + TiB,

Large scale consolidation and working of Fe Al and Fe;Al + TiB, alloy powders were
carried out to produce the cross sections of material required for transverse and other property
measurements. The consolidation was carried out hy the extrusion of 7.25-inch diameter
stainless contairers each filled with approximately 45 peunds of powder. The extrusion container
used and a schematic of a hot dynamic outgassing unit employed to fill the containers are shown
in Figures 45 and 46. The outgasser consists of mechanical and diffusion pumps, a transfer tube
with heating furnace and means for attaching a reservoir prefilled with powder (transferred in a
helium drybox) and an extrusion container. The system including the powder reservoir and
extrusion container were evacuated to 10 ° torr and the furnace heated to 1000°F (538°C) prior
to transfer of the powder. By this procedure, the powder was heated to about. 500°F (260°C) to
drive off absorbed gases as it was transferred to the extrusion container. Subsequent to filling of
the container, the transfer tube was pinched off with a hydraulic press and welded with a
tungsten arc to ensure that the sealed tube survives subsequent processing.

The extrusion conditions are stated in Table 7. The 1700°F (927°C) preheat temperature
was determined from experience with small 3-inch diameter extrusions prodvced in a P&W
press. The temperature selection was made on the basis of anticipated microstructure and
mechanical properties and 1700°F (927°C) was selected instead of a somewhat lower tempera-
ture, i.e., 1650°F (900°C), to ensure that the billet would extrude saticfactorily. The 18 hours soak
time was estimated from actual times required to heat powder billets of different sizes to different
temperatures. The hreakthrough pressures of 3050 tons tor the Fe, Al and 3100 and 3400 tons for
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the Fe,AITiB, were well within press capacity. Extruded bar stock of each alloy or particle size
distribution was 1.6 by 3.75 inches in cross section by about 6 feet long.

TABLE 6. THERMOMECHANICAL PROCESSING OF Fe;Al + TiB,

Powder Extrusior.(a) Swaging(b) Annealing
__ Lot D Mesh Size Temperature (°F) Temperature (°F) Temp/Time (°F/hr)

1 R063 -80 1700 2000/1500 1500/1
1 R064 -80 2050 2000/1500 1500/1
1 R065 —-80 1700 1500 1500/1
1 RO66 —80 2250 1500 1500/1
1 R068 -80 2050 1500 1500/1
1 ~80 1700 2000 2000/0.25
1 RO70 -80 2050 2000 2(30/0.25
i RO71 —-80 1700 1500/2000 £000/0.25
1 R072 —-80 2200 1500/2000 2000/0.25
1 RO73 —80 2050 1500/2000 2000/0.25
1 RO75 -80 1850 1500/1900 1900/0.25
2 RO79 —80 +100 1650 1600 1600/1
2 R080 -270 1650 1600 1600/1
2 RO81 —80 +100 1650 1300 1300/1
2 R082 -270 1650 1300 1300/1
2 n088 —80+100 1650 1450 1450/0.5
2 RO8S --80 +100 1600 1450 1450/0.5
2 Ra0) -270 1650 1450 1450/0.5
2 RU91 -210 1600 1450 1450/0.5
2 R097 —80 +1v 1650 1200 1200/0.25
2 R098 -80 100 1600 1200 1200/0.25
2 R099 =270 165C 1200 1200/0.25
2 R100 —-270 1600 1200 1200/0.25
2 K105 —-80 +190 1650 1300 1300/0.5
3 R106 —-120 +140 1650 1300 1300/0.5
3 K107 —-170 : 200 1650 1300 1300/0.5
3 R10» —230 ~-270 1650 1300 1300/0.5

(a) All extrusions were at a rominal 8 to 1 extrusion ratio.
(b) Where two temperatures arc shown, one half of the swuging was at the first temperature listed and the
balance at the second temperature.

2711C

The three AMAX extrusicns were cut into convenient lengths for subsequent rolling and
forging. The cut surfaces of cross cections were sound, and all extrusions appeared satisfactory
for subsequent working. The Fe;Al extruded bar stock was rolled without de-jacketing at 1150°F
(621°C) in 3 tc 10% reduction steps (3.95-inch per pass) from 1.6- to C.5-inch thick plate, Table 8
The total reduction was about 68%. Between each rolling pass, the iazterial was reheated for
approzimately 10 minutes. The Fe,Al + TiB, extruded bar stock produced with the two powder
size fractions was rolled at 1500°F (815°C) by tl 2 sar e procedure except that the reduction per
pass was increased to 6 to 13% (0.1 inch per pass). A portion of the Fe;Al + TiB, extrusica was
rolled to a total reduction of about 68% as for the FejAl alloy, and another portion was rolled to a
0.9-inch thickness to provide plate from which to machine 0.5-inch thick fracture toughness
samples.
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Figure 45. Extrusion Can
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TABLE 7. LARGE SCALE EXTRUSION AT AMAX

Alloy
FeyAl FejyAl + TiB, FegAl + TiB,
Mesh Size -80 —270 —-80 + 14¢
Preheat Teniperature 1700°F (927°C) 1700°F (927°C) 1700°F (927°C)
Preheat Time 18 hr 18 hr 18 hr
Press Temperature 700°F (371°C) 700°F (371°C) 700°F (371°C)
Extrusion Ratio 7.4:1 7.4:1 i4:1
Ram Speed-Iniiisl 3.5 in./sec 3.5 in./sec 3.5 in./sec
Ram Speed-Steady 2 in./sec 2 in./sec 2 in./sec
Breakthrough Load 3050T 3100T 3600T
Section Size 1.6 X 3.75 in. 1.6 x 3.75 in. 1.6 X 3.75 in.
(4.06 X 9.52 ¢cm) (4.06 X 9.52 cm) (4.06 X 9.52 cm)

2mc

TABLE 8. ROLLING CONDITIONS EMPLOYED FOR THE LARGE EXTRUSIONS
OF Fe,Al + TiB, ALLOY

Light Pass Heavy Pass
Schedule Schedule

Roll Diameter 10 in, 10 in.

Roll Speed 30 fpm 60 fpm

Draft/Pass 5% 25%

No. Passes for 66% 24 5

Reduction

No. Passes for 83% 37 8

Reduction

Temperature 1600°F and 1750°F  1500°F and 1750°F

(815°C and 954°C) _ (815°C and 954°C)

ic

Heat Troatment

As discussed previously, the heat treatment of worked Fe;Al at or above its recrystallization
temperature of 1150 to 1200°F (621 to 650°C) caused grain growth which reduced the ductility of
the alloy. In contrast, Fe;Al + TiB, was found to be resistant to grain growth to significantly
higher temperatures, for example, i.e., 2000°F (1093°C). Where growth did occur, it produced an
abnormally large and aligned grain structure which also reducad ductility. A heat treatment
study was carried out on the large Fe;Al + TiB, extrusions after rolling under varying conditions
to determine the svability of the alloy. Rolling parameters were stated in Table 7.

Table 9 gives the abnormal grain growth temperature of the rolled material as determined
for samples heat treated for 2 hours at 100°F intervals from 1500 to 2200°F (815 to 1204°C).
Included in the table are the results obtained witk an Fe;Al + TiB, containing 2 wt%
molybdenum. These results obtained on P&W funded programs are included to show the
pronounced effect of ailoying on the resistance to grain growth in this class of alloys. The
criterion used to define abnormal grain growth wes the presence of at least one abnormally large
grain in the polished section of the sample. Typically, abnormal grains were as large as one
millimeter thick and one centimeter long and they appeared first on the outside surface in
contact with the rolls. The results obtained are represented in Figures 47 and 48.
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TABLE 9. TEMPERATURES FOR ABNORMAL GRAIN GROWTH IN FeAl + TiB,

ALLOYS
FecAl + TiB)  FesAl + TiB® FeAl+2 wjo Mo+TiBY
Rolling Reduction Type of —~270 Mesh —80 +140 Mesh —80 Mesh
‘i'emperature (°F) (%) Pass (°F) (°F) (°F) )
1750 68 Light 2100 - >£200
1750 68 Heavy 1800 2000 >2200
1760 83 Light 2000 — >2200
1750 83 Heavy 1500 1700 >2200
1500 68 Light 1800 — >2200
1500 68 Heavy 1600 2000 >2200
1600 83 Light 1800 — >2200
1500 83 Heavy 1600 1700 >2200

MGrowth Temperature of ihe Extrusion was 1800°F
(Growth Temperature of the Extrusion was 2000°F
B)Growth Temperature of the Extrusion was 2200°F

e

As shown in Table 8, the effects of using fine (—270 mesh) instead of coarse (—80 +140
mesh) powder for the processing of Fe;Al + TiB, were a decrease in the abnormal grain growth

]

é{ temperature of about 200°F (111°C), i.e., 2000 to 1800°F (1093 to 982°C). In addition, a decrease

N in abnormal grain growth temperature of at least 200°F (111°C) was obtained by increasing the

;: reduction per pass from 5 to 256%. The combination of light reductions per pass and the higher
1750°F (954°C) rolling temperature raised the abnormal growth temperature at least 300°F
(167°C) above the 1500°F (815°C) extrusion temperature. The lowering of the abnormal grain

L growth temperature (shown in Table 8), due to an increase in total reduction from 63 to 83%,

B may be as much a result of an increase in quenching from the rolls as it is from an increase in

deformation. The effects of alloying with molybdenum were a high abnorma! graii; growth
temperature over 2200°F (1204°C), irrespective of rolling schedule. The latter data are presented
to show the high temperature microstructural stability of this class of alloys.
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The results of the heat treatment study may be summarized as follows. The recrystalliza-
tion or abnormal grain growth temperature of Fe,Al + TiB, was reduced from about 2100 to
1500°F (1149 to 815°C) by processing or rolling under conditions which increased the amount of
strain in the material. The use of lower rolling temperatures, for example, 1500°F versus 1750°F
(815°C versus 954°C), high reduction per pass; and increased amount of reduction (85% versus
68%), all tended to reduce the abnormal grain growth temperature. In addition, the use fine
(—270 mesh) instead of coarse (—80 +140 mesh) powder also tended to lower the abnormal grain
growth temperature. In contrast, FegAl + TiB, with 2 wt% molybdenum had an abnormal grain
growth temperature cver 2200°F (1204°C) for material rolled under all conditions.

MICROSTRUCTURAL ANALYSIS
Microstructure of Material Processed in Small Lots

The extruded and swaged Fe,Al + TiB, alloy produced from small 3-inch diameter
extrusions and which was described in the last section was examined by TEM employing both
carbon replicas and thinned foils of the mateiial. The microstructure of Fe;Al which was found
to be considerably simpler was discussed in the section on the processing of FegAl.

TEM With Carbon Replicas

The extruded and swaged Fe Al + TiB, alloy samples listed in Table 10 were produced with
the fine (—-270 mesh) and coarse (80 +100 mesh) as well as with the entire (—80 mesh) particle
size distribution. The alloy was extruded 8 to 1 at 1600 or 1700°F (871 or 927°C) and post swaged
at 1300, 1600, 1700 and 2000°F (704, 871, 927 and 1093°C). The photomicrographs in Figures 49
through 52 were selected to describe, at a reasonably high magnification, the TiB, dispersion and
grain structure obtained as a function of post working and powder particle size distribution. The
following analysis which describe: vhe TiB, obtained were found to be in agreement with the
results obtained with thinned foils of the alloy. However, the thin foils gave a more accurate
measure of the grain size produced in the alloy.

TABLE 10. Fej;Al + TiB, ALLOY SAMPLES EXAMINED IN TEM WITH THINNED
FOILS

J

Powder Extrusion! Swaging® :

ID Mesh Size Temperature (°F) Temperature (°F) %

RO69 -80 1700 2000 '-

RO79 ~80 +100 1650 1600 )

R080 -270 1650 1600 ¥

RO81 —80 +160 1650 1300 Ry

R082 ~270 1650 1300 ‘:

1All extrusions at 8:1 ratio :\,

28w . “ng to 6% RA. . .:i

. 271C N
¢

Comparison of Figures 49 through 52 shows that the fine (~270 mesh) powder produced a :j
significantly higher density of a finer TiB, dispersion in the alloy than either the entire (—80 N
mesh) powder size distribution or the coarse (—80 +100 mesh) size fraction. The effect of working -
(swaging) temperature is pronounced also. Comparison of Figures 49 and 50 shows the increase f
in the density of TiB, obtained by lowering the swaging temperature from 1600 to 1300°F (871 to %
704°C) for materiul produced with the finer (270 mesh) powder. Figures 51 and 52 for the 7
coarser (—80 mesh and —80 +100 mesh) powders show, as was expected, the coarser TiB, f

Et Ty

dispersion in the material swaged at the higher 2000°F (1093°C) temperature.
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75% at 1300°F Fine (—270 Mesh) Powder

68

T Tt "k e
P ", -

- . P . . .
- " . e S N e e e T e N

e~ AN D P R P TL R I B R R N S
T e ton a M T Mo o P T Yo L Pal A N "'l-\}‘.n o P A B e B A T




W W IR e T W R T AT s T W A e~ e~ _m A M mmmme_ e wrw W 8 = ee—— = e+ = = = e am - o o

o
y
L
LSRN

o
3% 39\

-«

~ LY ™ - e
N
L% Wy

SR

NN

PR
W e

FD 267704

I

- )
oo
Sl

£

'\J.l Tw

P ICAPIN N

“
N

it

"™
0

69
Lt

o

AW AUN s

PR
PN

)
A

TEM of Sample R-80 (FeyAl + TiBy) Extruded 8 to 1 at 1650°F and Swaged
u(

75% at 1600°F Fine (—27¢ Mesh) Powder

TERN

NN

Figure 50.
N

W O

2mc
S

o

N T U T T N TN N Y N RN I N N T N T R Y T O O T YR N R U R NN RN A U RO B P P R M Mo " ©F TR IVRTWRU I T Wl

L«u

e e i —_ e e . —————— . - o —— ——— s am.m s . x A A ron ot e B B B SN A




Nag et U at el gl SaR Balcat Nal gt ol tal el tat talatet el SAtotalSele afa ate el el et el a0 Ak, AR Sato laBa at AR, "t Sl SRV NAT SR, FAL A R il AR tAR AR Uy AR SR, VA N B e Ao R s LW

¢

.

RISt I
.

ST U e ) -

6000 A

+
e

FD 267705

R

Figure 51. TEM of Sample R79 (FesAl + TiBy) Extruded 8 to 1 at 1650°F and Swaged
757 at 1600°F Course (—80 +100 Mesh) Powder
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TEM With Thin Fol's

The extruded and swaged Fe;Al + TiB, samples listed in Table 10 were examined by TEM.
A number of foils were employed for each sample to define the microstructures produced with
two different powder size distributions and for material post worked under varying conditions.
Previously, it was found that rolling of Fe;Al + TiB, under conditions which produced a material
with excellent ductility also produced a material with a high aspect ratio grain 1 micron wide by
10 to 20 microns long with a fine substructure 1000 to 5000 angstroms in size. The TiB,
dispersion on the order of 200 angstroms was found effective in pinning grain and subgrain
boundaries and in resisting subsequent grain coarsening during post working and annealing
operations. The current investigation describes more fully the effect of powder size and post
working on resulting TiB, particle size, grain size, and morphclogy in Fe;Al + TiB, processed by
extrusion and swaging.

. The TEM photomicrographs in Figures 54 and 55 present an overview of the structures
obtained in the alloy samples listed in Table 10. Figure 53 shows three areas at two
magnifications which are representative of the structure obtained in FejAl + TiB, produced with
coarse (—80 +100 mesh) powder. The variation in structure whic'. is due to partial recrystalliza-
tion or grain growth was found to be characteristic of material produced with the coarse powder
sizes. In comparison, Figure 54 shows four areas at a single magnification in material produced
with fine (—270 mesh) powder extruded under the same conditions with post swaging at 1300°F.
These figures show how the finer powder produced a more uniform structure with finer and
higher aspect ratio grains. The third set of photomicrographs in Figure 55 for material produced
with the coarse (—80 +100 mesh) powder extruded at 1650°F (899°C) and swaged at 1300 and
1600°F (704 and 871°C) again show the variation in structure hut they also show the effect of
working temperature on grain size. The following and closer examination of individual foil
samples takes the foregoing findings under consideration to arrive at a correlation between
powder mesh size, working temperature, grain size, and TiB, dispersion size.

A . = B M A ot S ™t

The following table, which summarizes the results obtained, may be referred to in viewing l
the following photomicrographs selected to show both the structure and the role of the TiB, ‘
dispersion in the development of structure in Fe;Al + TiB, alloys. The entire (—80 mesh) powder
distribution and the coarse (—80 +100 mesh) powder size fractions extruded at 1700°F (927°C)
and swaged at 2000°F (1093°C) produced the coarsest structure of the series (sample R069 in
Table 11) with a grain size averaging 1.5 micron wide by 2 to 10 microns long. The grains were
relatively strain free as shown in Figure 56 with dislocaticns tied to the TiB, dispersions. The
grain boundaries were also pinned by the dispersion. The TiB, which was uniformly dispersed in
the structure was found to have a particle diameter in the range nf 700 to 1800 angstroms.

As shown in Figure 57, a decrease in the swaging temperature from 2000 to 1600°F (1092 to
871°C) for Fe Al + TiR, produced with the coarse (=80 +100 mesh) powder resulted in a
substantial increase in matrix deformation, with a decrease in the size of the dispersion to the
range of 300 to 900 angstroms. Variations were observed in the structure, as previously indicated,
with grain width 1 to 1.5 microns and corresponding lengths from: 2 to about 10 microns. A
matrix substructure, approximately 0.5 micron in size was observed where subgrain boundaries |
are pinned by TiB,. In general the TiB, dispersion was associated with dislocations, grain
boundaries, and sub boundaries in all regions of the sample. The dispersion played a dominant
role in the development of the fine structures in the alloy.
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TABLE 11. GRAIN ASPECT RATIO AND TIB,; DISPERSION SIZE FOR Fe Al +
TiB, PRODUCED WITH FINE AND COARSE POWDERS

Temperature
|__ID/Mesh 1300°F I80PF 2000°F |
RO%® 18 X 2-10 pm ‘
-80 ~ 700A-18004 -
RO A. 15 X 10 pm ‘
- B.1X 24 um -
; -80 +100 300A-900A
! RO81 A 05X 6 pm
i B. 05 X 2 um - - ‘
| C.1X2um
f =80 +100 250A-70CA
S R080 1 X 10 pm
=270 200A-400A
t R082 05 X 10 pm
: -270 200A-400A
i
All material extruded 8:1 at 1650-1100°F and swaged 75% at temperature
indicated A-C grain sspect ratio — thickness X length
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Figure 56. TEM <f Sample R069 (Fe;Al + TiB,) Extruded 8 to 1 at 1700°F and Swaged

75% at 2000°F (—-80 Mesh) Powder N
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Figure 57. TEM of Sample R079 (FejAl + TiB,) Extruded 8 to 1 at 1650°F and Swaged ::::
75% at 1600°F (—80 +100 Mesh) Powder e
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A further decrease in swaging temperature from 1600 to 1300°F (871 to 704°C) refined the
structure as shown in Figure 58. The structure which was derived from the initial powder
dendritic structure was found to degenerate to the extent shown in Table 10 for sample R081.
The finer structures (region A and B) ase fiber structures approximately 0.5 micron in width with
lengths varying from 6 to about 2 microns depending on the degree of recovery or partial
recrystallization in the alloy. The third stru:tural varistion (C) appears as a more equiaxed and
somewhat coarser structure with a lower concentration of TiB, generally at triple points in the
structure,

In contrast with the structures obtaired with coarse (—80 +100 mesh) powder, the structure
with fine (—~270 mech) powder produced a fiber structure with greater continuity and uniformity.
The structure also contained a finer TiB, dispersion which was more effective in resisting
recrystallization and grain growth. The material produced with fine powder and swaged at
1600°F (871°C), sample R080 in Table 11, has the structure shown in Figure 59. The material
contains a moderate dislocation density with a fine polygonized subgrain structure and uniform
TiB, dispersion 200 to 400 angstroms in size. The fiber structure which is more uniform than
found in material produced with coarse (—80 +100 mesh) powder has an average width of 1
micron and length of approximately 10 microns. In comparison to the above, the R082 sample
swaged at a lower temperature of 1300°F (704°C) has a similar but finer structure. The structure
shown in Figure 60 is completely fibrous with one half the fiber width (0.5 micron) and an
equivalent length. The matrix dislocation and TiE, dispersion density shown in Figure 61 is
moderate, and no greater than observed in the R080 sample swaged at a higher temperature. The
TiB, dispersion, 200 to 400 angstroms, is about the same as in sample R080, but the lower
swaging temperature resulted in a finer structure.

In summary, the use of fine (—270 mesh) instead of coarse (—80 +100 mesh) powder or the
entire (—80 mesh) powder size distribution produced FejAl + TiB, with a higher concentration of
a finer TiB, dispersion. The finer dispersion offered greater resistance to recrystallization and
grain growth during consolidation and post working operations. The use of the finer powder size
fraction alsc produced a more uniform fiber structure of reduced size with a higher aspect ratio
and a finer and more uniform TiB, dispersion size. The grain size was found to be dependent on
swaging temperature with the finer and higher aspect ratio grains produced at the lowest
temparature.

Mic.cstvcture of Large Scaie Extruded and Worked Material
Fe,Al
Extruded FejAl produced with —80 mesh powder was found to have an equiaxed

recrystallized grain structure as shown in Figure 62A. The grain size is seen to be on the order of
50 to 100 microns and coincidentally close to the average powder particle size employed. in

TEM’s there was little evidence of strain in the material. r':

e

2\1

As shown in Figure 63A, strings of small irregular particles were found in the structure of T

extruded Fe;Al. These particles spaced at intervals of 3.5 to 10 microns in some boundaries were -
identified as aluminum oxide. They are believed to be spheroidized oxides originating on the ‘a

surface of the prior powder particles. Also shown in the figure are occasional fine grains, PT
approximately 2 microns, inside boundaries pirned by the oxide particles. N
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Figure 58. TEM of Sample R081 (Fe Al + TiB,) Extruded 8 to | at 1650°F and Swaged
75% at 1300°F (—80 +100 Mesh) Pcwder
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Figure 59.
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TEM of Sample R080 (Fe,Al + TiB,) Extruded 8 to 1 at 1650°F and Swaged
75% ut 160G°F (—270 Mesh) Powder
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Figure 60. TEM of Sample R082 (FezAl + TiB,) Extruded 8 to 1 at 1650°F and Swaged
75% at 1306°F (—80 +100 Mesh) Powder
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Figure 61. TEM of Sample P"82 (Fe;Al + TiB,) Extruded 8 to 1 at 1650°F and Swaged
75% at 1390°F (--80 +100 Mesk) Fowder
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The structure of rolled Fe,Al 1150°F (621°C) rolling and anncaling temperatures) shown in
Figures 62B ard 63B, revealeu grain refinement and a moderate dislocation density as a result of
rolli.g jost below the recrystullization temperature. The aligned grains also contained a
%- to 2A-micron subgrain stiuc.ure. The strings of aluminum oxide particles found in the
extruded material were also observed in the rolled structure. The presence of aluminum oxide
particies in FejAl was not unexpected since they were found previously in the alloy produced
from different batcres of powder and consolidated by both HIP and extrusion.

Fe,si + TiB,

The Fe;Al + TiB, extruded from fine (—270 mesh) and coarse (—80 +140 nesh) powder
fractions were found to have few but significant differences in microstruciure. A relatively large
rod type precipiiate was found in the material produced from fine powder. As shown in Figure 64,
the precipitates about 0.1 to 0.5 micron thick and 0.4 to 2 mic1»ns in length were located in grain
boundaries and oriented parallel to the extrusion/rolling direction. These precipitates were
identificd as TiB, possibly deficient in boron. In comparison, the extrusion from coarse powder,
Figure 66A, did not contain these large precipitates. Differences in processing should not account
for the presence of these coarse precipitates in the material produced with fine powder since the
extrusions were carried out sequentially with the extrusion billets pre-heated in the same
furnace. However, this type of precipitation was not found in prior small 6-pound extrusions
produced previously with the same or equivalent fine (—270 mesh) powder size. Therefore, the
precipitation 2r accelerated coarsening of the TiB, phase could be a result of the relatively long
soak time (18 versus 2 hours) employed for the larger extrusion billeta.

The FejAl + TiB, extrusion produced with coarse (—80 +140 mesh) powder had & somewhat
more elongated grain structure and localized areas containing a higher dislocation density. The
elongated grains, %4 to 2 microns in thickness and 1 to 3 microns in length, were essentially strain
free while equiaxed grains %4 to 3 microns in the loca.ized areas c:>ntained the higher dislocation
density. in comparison, the extrusion produced with fine powder, Figure 64 versus 66, had a more
equiaxed and relatively strain free structure with grains about 2 to 6 microns with an aspect ratio
less than 2 to 1.

The T.3, dispersion in the extrusion produced with fine powder, excluding the relatively
large rod TiB, precipitate, was estimated to be 350 to 650 angstroms in size. The TiB, in the
extmsion produced with coarse powder was somewhat lurgzr and in the range of 400 to 1000
angatroms.

Rolling of the FejAi + TiB, alloy produced from fine (—270 mesh) and coarse (—80 +140
mesh) powder, Figure 65 and 66, generated similar microstructures (except for the large TiB, rod
precipitate mentioned above). The rolled alloy produced with the fine and coarse powders had an
elongated grain structure with the avervge grair. sizes given in Table 12. The muterial from fine
powder had about half the grain size of the material produced with coarse powder. The
microstructures of both extrusions also contained, in different regions, a subgrain structure
approximatei, % by 1 micron. There appeared to be a somewhat higher dislccation density in the
subgrain o..ucture of the material produced with the coarse powder. The difference in the
microstructures of the extrusions produced with fine and coarse Fe,Al + TiB, were retained
during rolling except for an increase in the aspect ratio of the grains and a reduction in the grain
size for rolled material. The grain aspect ratio of the extrusions were found to vary, and it was
difficult to assign values to the length of the grains. The TiB, dispersion size apparently did not
change as a result of rolling.
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Figure 65. Fe Al + TiB, from Fine (—270 Mesh) Powder a. Extruded 8:1 at 1700°F b. Rolled 65% at 1500°F
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TABLE 12. GRAIN SIZE IN FE;AL AND Fe,Al + TiB; AFTER EXTRUSION

AND ROLLING
FQ’AI + TiB,
FeyAl Extruded Rolled
Extruded Rolled =270 —80 +140 =270  -80 +140

Grain Size 50-100 %4-30 26 -2 1-3 14

0.1-0.5 by
TiB, - — 0.4-2 microns

350-850A 400-10004 350-650A

mc

In summary, the results obtained with Fe;Al + TiB, processed in larger 46-pound powder
lots were different in soma respects from the results reported previously for the same alloy, and
equivalent particle sizes, produced from small 6-pound powder lots. Extrusion and rolling
parameters were not equal, but a sufficiently broad range of conditions had been covered with the
small extrusions for a comparison to be made between the microstructures of amall and the large
extrusions. Comparison of the grain size results in Table 5 and those presented in Table 9 for
swaged material produced from small extrusion suggests the following conclusions.

The grain size of % to 1% microns in the rolled material (large extrusicn) produced from
coarse (—80 +140 mesh) powder was not significantly different from the 1- to 1%4-micron grain
size of the swaged material (small extrusion) produced with —80 mesh powder. The latter grain
size range for the swaged material was for material swaged at 1600°F (871°C). In contrast, the 1-
to 3-micrun grain size in the rolled material (large extrusion) produced with fine powder was
much larger than the measured 1 micron grain size of the swags material (small extrusion)
produced from the same —270 mesh powder s:-e. In addition, the grain size as well as the grain
aspect ratio were found to vary to a much greater extent in the large extrusion produced with fine
powder.

The relatively coarse TiB, phase found in the large extrusion from fine powder was not
present in the extrusion from coarse powder or in any of the small extrusions previously
produced with fine powder. The normal TiB, dispersion present in all Fe,Al + TiB, in both small
and large extrusions were close to the same size in the material produced from coarse powder.
These were 400 to 1000 angstroms for the coarse powder and 300 to 900 angstroms for the fine
powder swaged at 1600°F (871°C). However, the TiB, particle size in material produced in the
large extrusion with fine powder was 350 to 6560 angstroms compared to 200 to 400 angstroms in
the material from fine powder produced in the small extrusions. In addition, the material from
the small extrusion produced with fine powder did not contain the relatively coarse TiB,
precipitate found in the large extrusion produced during this period. As mentioned previously,
the differences noted in the microstructures, including the accelerated coarsening of the TiB,,
appears to be due to the long soak time which was required to achieve a uniform temperature in
the large extrusion billets prior to extrusion.

DEFORMATION PROCESS MODELING

In a previous section, both Fe;Al and Fe,Al + TiB, were investigated by optical and
SEM/TEM microscopy to discern the major features related to grain size and orientation, and te
quantify the TiB, distribution. In this section, the macroscopic crystallographic orientation of
FejAl graine was determined by standard X-ray texture analysis. The deformation texture of
those alloys which performed successfully in bend tests, shown previously, were investigated in
an attempt to determine the succession of microstructural stages during thermomechanical
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processing which led to extremely ductile behavior in bend tests. TEM showed that these alloys
had a fine polygonizad subgrain structure which when combined with a (110) sheet normal rolling
texture produced dustile behavior.

During the extrusion process, spherical powder particles become aligned with aspect ratios
(length/diameter) which are a function of the extrusion ratio. The diameter of the elongated
grains was found to be related to both the extrusion ratio and the diametar of the powder
particles. In FeyAl + TiB,, a significantly finer diameter grain structure was produced which
originated from the powder pa-ticle solidification structure. This structure is shown in Figure 67.
The linear distribution of TiB; which in this case was found to be % to % microns apart was
derived from the dendrite arm spacing of the original powder and the extrusion ratio used in
consolidation. Figure 68 shows a distribution of 3000 angstroms transverse spacing with sizes
ranging from 200 to 800 angstroms. Dark field microscopy showed that the average transverse
grain size in the extruded alloy 545 was 1.5 microns, with up to several TiB, distributions within
each FogAl grain. The average grain dimensions were 1.5 microns in the transverse direction and
up to 20 microns long. X-ray texture analysis showed that the deformation was <110> fiber
texture (Figure 69 with approximately nine times random intensity. Work on nickel-base and
aluminum alloys (References 10 and 11) has shown that textural intensity is dependent on
extrusion reduction ratio (at least below the recrystallization teinperature) with the strongest
textures being produced by the highest extrusion ratios.

FD 253152

Figure 67. TEM of FeyAl + TiBy (Alloy 545) Extruded 8 to 1 at 1700°F (927°C) Showing

Elongated Grains and the Distribution of TiBg Inherited from the Original
Solidification Structure

The effects of thermomechanical processing on texture evolution in bend test samples
described previously and in the Fe;Al + TiB, alloys produced from different powder lots are
shown in Table 13. The ductile behavior refers to bending a sample through 180 degrees around a
3t radius where “t” is the sheet thickness, and “fracture” behavior refers to failure to pass this
test. As shown in a following section, alloy 723 had up to several percent elongation on tensile
testing; however, considerably more ductility appears to be required for successful completion of
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3t bend test. In comparing the two alloys containing TiB, (545 and 723) with the alloy without
TiB, (729) it is apparent that attainment of a simple deformation texture "vill not explain the
differences in bend fracture behavior of these alloys. The sequence of textural changes associated
with thermomechanical prucessing of each alloy type are shown in Figures 70 and 71, indicating
that the Fe,Al alloy 729 processed to a (112) <110> texture survived the bend test but has a
significantly different texture from the also successful Fe;Al + TiB, alloy (545) texture shown in
Figure 72. This deformation texture was very close to that of the extruded alloy, indicating that
the rcle of TiB, in alloy 545 may be to prevent major grain reorientation, with its deformation
texture showing some of tha characteristics of a polygonized structure, for example, a reduction
in the central <110> intensity and a broad distribution of orientations in the rolling direction
ranging from <110> to <223>.

700°F AT 8/1

FO 253153

|

|

*

l Figure 68. TEM of Fe Al + TiB, (Alloy 545) Extruded 8 to 1 at 1700°F (927°C) Showing
the Distribution of TiB, in Prior Dendrite Arms

The alloys whose textures were described in Table 13 were examined by both bright field
and dark field TEM. The onset of “brittle” behavior in the 3t bend test samples of alloy 729
annealed at 1200°F (649°C) for 1 hour was shown to result from premature abnormal grain
growth. The sample annealed at 1150°F (621°C) for one hour showed elongated grains of Fe,Al
with extensive subgrain boundary polygonization networks (Figure 73) and a few strain free
grains. Those strain-free grains, Figure 74, resulted from static recrystallization of the
dynamically polygonized structure. In the several thin foils examined, only two areas of
recrystallization were observed, indicating that recrystallization nuclei were present but not
widely developed after annealing for 4 hours at 1150°F (621°C). 't is those recrystallization nuclei
which presumably are responsible for the gross textural changes in which the (112) «<110)
polygonized structure is systematically replaced by the (110) <110> structure with a
corresponding increase in grain size from the 1- to 2-micron size present at 1150°F (621°C) to 20
to 50-micron size after one hour at 1200°F (649°C).
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Front Side Contour Vatues :
As-Extruded (110) 2.3
E.N. 0.7

1.0
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2.0
3.0
4.0
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NYM®POeEX<+ PO

——— e W R W

P e
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Contour Values

As-Extruded (200) 0.3
EN. 0.7

1.0
1.5
20
3.0
4.0
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4 A a ——— A

NX$»OX+D>DO

FD 253154

Figure 69. (110) and (200) Pole Figures of Extruded Alioy FesAl + TiBy (RSR 545)
Showing Strong <110> Fiber Textures
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TABLE 13. TEXTURE ANALYSIS

Processing Feytl (og., Alloy 739) FeyAl + TiB, (eg., Alloy 548, 733)
As Extruded «110> Fiber Texture
As-Rolled, Parallel 900°K (1150-1100°P) 1300K (1700°F)
to Extrusion Direction (110) <001> (110) <001> (733)

(110) <110> and
(110) <233> (540)

As-Rolled and Annesled 900°K (1150°F)/1 hr 1900K (1700°F)/1 hr
(112) <110> (223) <110> Ductile (720)
Ductile ) (110) <001> Fracture (723)
{110) <113> Ductile (548)
As-Rolled and Axnealed 920°K (1300°F)/1 hr 1300K (1900°F)/1 hr
Weak (113) <110> (223) <110> Ductile (720)
Stmongsr (110) <110> (110) <110> Frecture (723)
(110) <113> Ductile (545)
Cross Rolled - 1200K (1700°F)/1 hr
Sm (001) <110> Fracture
e
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Figure 70.
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As-Rolled 1700°F (110)

Contour Values
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Figure 72. (110) Pole Figure of FesAl + TiBy (Alloy 545) Rolled at 1700°F (927°C)
Showing Ductile at Bend Test Behavior
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Figure 74. Bright Field TEM of Alloy 729 (FezAl) Rolled and Annealed at 1150°F
(621°C) for 1 Hour, Showing Nucleation of New Strain Free Gains Within the
Defarmed Matrix
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Alloys containing TiB, showea distinctly different microstructural behavior on rolling. The
ductile 545 alloy after rolling and annealing at 1700°F (926°C), Figures 76 and 76 showed
elongated pairs of 1 micron thickness and 1C- to 20-microns long, with 200 angstroms TiB,
particles uniformly distributed throughout the microstructure. Figure 75 shows clearly that
dynamic deformation and static annealing huve produced a very fine matrix substructure of 1000
to 5000 angstrom: size in which subgrain boundaries are pinned by TiB,. The presence of TiB,
within subgrains is responsible for a high degree of slip “delocalization” during which cross-slip
off the primary slip plane is necessary to bypass TiB, obstacles, with the associated generation of
both partial dislocations and Orowan segments. This increasing dislocation density with plastic
deformation is ultimately responsible for the development of polygonization networks and the
establishment of a fine polygonized subgrain structure which showed development in dispersion
strengthened alumiaum alloys (Reference 11). A basic difference between the recrystallization
and grain growth behavior of alloys with and without TiB, is that alloys with TiB, can store a
high level of deformation energy in subgrain boundaries, which are prevented from movement by
Zener drag forces, while in slloys without TiB,, subgrain boundaries become quickly unstable
and the stored energy is adequate for the onset of grain growth. Based on these observations, the
presence of TiB, confers an approximate 500 to 600°F (260 to 315°C) processing advantage
before grain coarsening consumes the stored deformation energy in polygonized subgrain
boundaries.

Texture of Material Processed in Small Lots

X-ray analysis was performed with Fe;Al + TiB, alloy samples R069 and R079 through
R082 listed in Table 14. The samples produced with fine (~270 mesh), coarse (—80 +100 mesh)
an " the entire (—80 mech) powder size distribution had been extruded 8 to 1 at 1650 or 1700°F
(89 or 927°C) and swaged at 1300, 1600, and 2900°F (704, 871, and 1093°C). Post annealing of
swaged material was carried out at the swaging temperatures, and for thi study a number of
samples were given an additicnal anneal at 1800°F (982°C) for 30 wminutes.

As shown in Table 14 and Figures 77 and 78, extruded Fe;Al + TiB, with a <110>
crystallographic fiber texture approximately nine times random was found only to strengthen in
texture with swaging. The deformation texture increased with decreasing swaging temperature,
as for a number of alloys, while the material produced with fine (—270 mesh) and coarse (—80
+100 mesh) powders belaved differently. The fine powder sample swaged at 1300°F (704°C) had
a stronger texture than the coarse powder sample swaged at the same temperature. However, the
order was reversed for the same powder size fractions swaged at 1600°F (899°C). There are
currently no explanations for this anomaly.

-

3
i

Annealing of swaged samples at 1800°F (982°C) for 30 minutes did not change the texture :‘_‘j

of the samples except that of sample RO81 (—80 +100 mesh powder swaged at 1300°F) which .{:
changed to a <111> fiber texture. However, the change in texture was limited to the periphery I

of the swaged bar where recyrstallization and grain coarsening had taken place. In addition,
sample R081 may have been swaged at a lower temperature thereby increasing strain energy and
reducing the recrystallization temperature. Gross textural change with a corresponding increase
in grain size was reported previously for rolled Fe;Al which had been annesled at a temperature
which caused partial recrystallization and grain coarsening.
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Figure 75. Dark Field TEM of Rolled and Annealed 545 Alloy (Fej,Al + T:B,) Showing
the General Grain Elongation and Subgrain Polygonization Within the Grain
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Figure 76. TEM Alloy 545 (FesAl + TiBy) Showing the Distribution of ~200A Diameter
TiB, and Their Relationship to Polygonized Subgrain Boundaries
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TABLE 14. STRENGTH OF <110> FIBER TEXTURE (TIMES RANDOM) VERSUS
SWAGING TEMPERATURE

Powder Temperature (°F)
Size 1300 1600 2000
-80 — — 16X
(R069)
-80 +100 38X 30X
(R081) RO79
-270 49X 20X
(R082) (R080)
mic

Swaged Fe;Al + TiB, analyzed by X-ray diffraction was found to have a BCC iron base
structure with some DO, type (FejAl) ordering. In the coarse grain region of annealed sample
RG81, some B2 type ordering was observed. The dispersion was identified as TiB, in both swaged
and 1800°F annealed samples. The TiB, was found to possess a <001>> texture in the swaged
samples produced with coarse (—80 +100 mesh) powder but the TiB, was randomly oriented in
samples produced with fine (—270 mesh) powder. The difference in textural response of the TiB,
dispersion may be due to the difference in the size of the dispersion derived from the fine (=270
mesh) and coarse (—80 +100 mesh) powder size fractions. This is discussed in the following
section.

Texture of Material Processed in Large Lotis

Iron aluminides (Fe;Al and Fe,Al + TiB,) produced from fine (—270 mesh) and coarse (—80
+140 mesh) powder were extruded in 50 pound lots at an 8-to-1 ratio and 1700°F (927°C). The
Fe,Al was subsequently rolled at 1150°F (621°C) and the FejAl + TiB, rolled at 1500°F (815°C)
to 0.9-inch thick slabs. The latter consolidated and worked conditions were selected from results
of prior investigations with small extrusions post worked by swaging cr rolling. The meterial
produced in the larger size was investigated to verify the deformation mode or mechamstas
identified previously, and to measure mechanical properties including tensile properties, in the
transverse (to rolling) direction, and fracture toughness properties.

The deformation structures obtained in extruded and :olled Fe;Al and IFe;Al + TiB, were
similar to those obtained with small extruded lots of material post worked by swaging and rolling
except for the differences noted below. In small extrusions, the alloys developed <110> fiber
textures which increased in strength with increasing extrusion ratios or amount of subsequent
swaging. The presence or absence of TiB, in the alloy did not markedly affect the texture in
symmetrically extruded material. In the larger Fe;Al rectangular extrusion, the alloy developed a
<110> fiber texture with some secondary sheet type texture component. in the larger Fe Al +
TiB, rectangular extrusions, the alloy developed an axial texture about 15 degrees off the
<110>. The rolling textures were typical of BCC materials, but differed somewhat from prior
results with rolled material produced from small extrusions. The texture of Fe;Al rolled from
small extrusions was (112) <110> and in some cases (110) <<110> while the texture of rolled
FeyAl + TiB, was (110) <001>, (110) <113>> and (110) <110>. The deformation textures of
mnaterial produced as large extrusions were as follows.
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Extruded Fe,Al

A strong 14 times random <110> fiber texture with a weak sheet texture spread from a
(001) <110> to (112) <110> is shown in Figure 79.

Fe,Al Contour Values
As-Extruded 8 to 1 (110)
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Figure 79. <110> Pole Figure Resulting from the Extrusion of FezAl to a Rectangular
Cross Section

Rolled Fe,Al

A moderate rolling texture five times random formed with a spread from (112) <110> to
(001) <110> is shown in Figure 80.

Extruded Fe,Al + TiB,

Material produced from both powder fractions were found to have extrusion or fiber
textures similar to those of the FejAl alloy except that the orientation was <133> or about 15
degrees off the <110>. In addition, since the extrusion was rectangular, a weak sheet texture
from (611) <133> to (321) <113> was also found as shown in Figures 81 and 82. Areas near
the surface of the extruded bar could have a texture varying by as much as 10 degrees, but it is
possible that the texture in the large extrusions was a result of partial recrystallization especially
in the material produced with fine powder. These textures were relatively weak. The extrusion
produced with fine powder was 1.8 times random, while the extrusion produced with coarse
powder was five times random.

Rolled Fe,Al + TiB,

The deformation texture which developed in rolled material produced with both fine ard
coarse powder was similar to that found in rolled FezAl + Ti3,. As shown .n Figure 83, rolling of
the material produced with fine powder was found to have a five times random texture spread
from (001) <110>, (112) <110> to (111) <110>. Rolling of the material produced with the
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coarse powder was found to have a stronger 12 times random texture from (012) <210> to (001)
<110> as shown in Figure 84. All of the above textures are found in BCC alloys.

FeaqAl Contour Values
Rolled 1150°F (110)

\
\
\\

T
FD 279095

Figure 80. <110> Pole Figure Resulting from the Warm Rolling of FegAl Which Had
Been Extruded to a Rectangular Cross Section
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Figure 81. <110> Pole Figure of As-Extruded FejAl + TiB, Produced from Fine (-270
Mesh) Powder
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FosAl + TiB,
—80 + 140 Mesh Contour Values
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Figure 82. <110> Pole Figure of As-Extruded FejAl + TiBy Produced from Coarse (—80
+140 Mesh) Powder
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Figure 83. <110> Pole Figure of Rolled FeyAl + TiBy Produced jrom Fine (—270 Mesh)
Powder
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Figure 84. <110> Pole Figure of Rolled FejAl + TiBy Produced from Coarse (—80 +140 3
Mesh) Powder ‘

The following table, Table 15, summ. rizes the texture results obtained with the large
extrusiona produced during the last reporting period.

TABLE 15. TEXTURE RESULTS )
Aloy Froction Extrusion Texture Rolling Texture
FeyAl —80 mesh 14 X random § X random
<110> fiber + (113) <110> 1
(001) <110> to (001) <110> 1
FeyAl + -270 mesh 1.8 X random 5 X random }
TiB, \
<133> fiber + <0M1> <110>
to
(611) <113> to (112) <110> to
(321) <113> (111) <110>
FoyAl + -80 +140 5 X random 12 X random ]
TiB,
<133> fiber +  (0O1)
<110>
to
. (611) <133> to {112) <110> to

(321) <133>

m:c

PR

PROPERTY EVALUATION

Tensiie Properties of Swaged FeyAl and FeyAl + TiB,

The FegAl alloy 729 extruded 10 to 1 at 1750 and 1950°F (954 and 1065°C) was swaged to
strains of 1.3 and 1.8, and was annealed for 1 hour at various temparatures, the swaging
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«emperature was 1250°F (821°C) for the first swaging pass, and was reduced for each of the
succeeding three passes to 11560°F (621°C), and held constant for the remaining peases. The room
temperature tensile properties of the awaged material are given in Table 16. The tensile
propecrties and especially tha elongation are see.: to be rolated to processing. The higher strength
and more ductile samples had been extruded at the lower temperature, swaged to the higher
strain and annealed at 1150°F (621°C). The 18% elongation measured is the highest obtained un
this contract for Fe;Al. Figure 85 shows that the alloy extruded at 1750 and 1950"F (954 and
1066°C), and subsequently swaged at 1150°F (621°C) reflects the initial grain size of the extruded
material. The elongations of the latter swaged material were 18 and 9% respectively.

TABLE 16. TENSILE PROPERTIES OF Fe,Al (729) ALLOY

Extrusion Anneal 0.2% Yield Ultimate Tensils Reduction
Tempercture Swaging Temperature Strength Strength Elongation of Area
(°F) (°C) ____Strain CF) O (ksi) _(MPa) (hsi) (MP) (%) (%)
1750 954 1.8 * * 177 1220 189 1363 18 35.2
1750 954 1.8 1150 621 160 1034 17 11 18 309
1770 954 1.8 12¢0 649 142 979 162 1m7 10 15.4
1750 954 1.3 * * 147 1014 166 1145 13 325
1750 934 1.3 1150 621 141 92 160 1103 12 16.7
1750 954 1.3 1200 849 130 896 150 1134 9 12.2
1950 1085 1.3 ¢ * i74 1200 185 1278 8 116
1950 1065 1.8 1150 621 145 1000 163 1124 9 6.5
1950 1085 1.8 1200 649 132 910 149 1027 8 6.5
1950 1085 13 ¢ * 142 979 158 1080 4 6.5
1950 1065 1.3 1150 621 11 972 161 1110 9 9.6
1950 1065 1.3 1200 649 140 965 160 1103 9 10.7
e

The tensile properties of consolidated Fe;Al (alloy 729) and Fe,Al + TiB, (alloy 723) were
measured as & function of temperature. The consolidated material was produced by extrusion at a
low 4-to-! ratio and by HIP. Figure 86 gives the tensile properties of Fe,Al (alloy 729) HIP at
2000°F (1093°C) and 15 ksi (103 MPa). As previously discussed, this material was difficult to

work due to apparent weak bonding of prior powder particles and this was reflected in the low ;

ductilitv of the alloy. The increase in strength to 1000°F (538°C) which should be a result of a ;
change in ordering from the B2 to DO, was also found in Fe Al after a 4-to-1 extrusion at 1700°F v.'::
(927°C), Figure 87. The extruded Fe,;Al alloy also has a low ductility at ambient temperature, but ’a
the elongatior. increases rapidly with increasing temperature. As a iesult of improved !
interparticle bonding, the extruded Fe;Al could be hot rolled to sheet without difficulty. In v

A

P,

comparison with the latter results, the tensiie properties of Fe,Al + TiB, (alloy 723) extruded 4 to
1 a¢ 1700°F (927°C) shown in Figure 88, includes a Ligher elongation and tensile strength which
are believed to be a consequence of a finer grain size, retained by the TiB, dispersion. However,
the HIP or extruded Fe;Al with and without a dispersion worked under conditions, which
produced or retained a fine grain size, were found to have a tensile elongaticr to 20%. The

-
L

AR

difference between the alloys is related to the role of TiB, in preventing grain growth above a :j
temperature of approximately 1150°F (621°C). Without a dispersion, abnormal grain growth in .\j
an FejAl alloy causes the alloy to fail in a brittle manner in a simple bend test. ;‘&
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Figure 85. Microstructure of Fe;Al (729) Alloy Extruded and Swaged
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Figure 86, Tensile Properties of Alloy 729 (Fe;Al) HIP at 2200°F (1093°C)
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Properties as a Function of Powder Size

The tensile properties of FezAl + TiB, produced from three lots of powder are given in
Tables 17 through 22. The powder particle sizes and processing conditions employerl were given
in Table 6. The results of the first lot of extrusions produced at different extrusion and swaging
temperatures with —80 mesh powder show that consolidation and post working at the lowest
temperature produced the highest yield and ultimate strengths at all test temperatures. The
lowest temperature sequence, extrusion at 1700°F (926°C) followed by swaging at 1500°F
(815°C), produced strengths at amhient temperature that were 11 to 12% greater than the
average of the lot. Correspondirg increases at 1200°F (649°C) were 19% greater in yield and 24%
greater in tension than the average of the lot while the increases in strength at 1800°F were 62

~ and 76% respectively. Processing at a relatively high temperature such as extrusion and swaging

at temperatures over 2000°F (1093°C), produced material of slightly lower strength but with
excellent ductility. Extrusion at a high temperature followed by swaging at a lower temperature,
for example, 2000°F extrusion and 1500°F swaging, yielded similar results. The latter processing
sequences produced material with elongations in the range of 18 to 20%. In comparison, working
at a low temperature, for example, 1500°F (815°C), followed by working at a higher temperature,
for example, 2000°F (1093°C), significantly lowered the ductility of the alloy. The reduction in
ductility from 18 to 20% to 4% was due to abnormal grain growth and, as is known, a large grain
size in Fe,Al + TiB, is associated with a low ductility. In summary, the lowest consolidation and
working temperatures produced the highest strength material with the magnitude of the change
increasing with increasing temperature to 1800°F (982°C). The ductility did not vary appreciably
except with material worked at a high temperature subsequent to working at an appreciably
locwer temperature. As shown in the following section on microstru~ture, processing, which
introduces strain in the material, will cause partial recrystallization or grain growth and an
increase in grain size is a primary cause for reduced ductility in this class of alloys. However, it
needs to be pointed out that FezAl + TiB, can be processed at relatively high temperatures and
that a fine grain and ductile alloy will be produced.

The second and third lots of extrusions (R079 through R108) were produced with different
powder size fractions. The material was extruded at 1600 or 1650°F (871 or 899°C) and swaged at
temperatures from 1200 to 1600°F (649 to 871°C). Tensile data for these extrusions are listed also
in Tables 16 through 21. In general, decreasing the swaging temperature from 1600 to 1300°F
(871 to 704°C) increased tensile strength some 15%. This increase, however, was probably due to
work hardening. Interestingly, the ductility of the alloy did not change.

Analysis of the data in Tables 17 through 22 for the second and third lots of extrusions
revealed a strong correlation between alloy strength and powder size (solidification rate).
Figure 89 shows the increase in strength obtained with the fine (—270 mesh) powder and the
increase in strength as it relates to the working temperature. The average working temperature
was the weighted average of the extrusion and swaging temperatures. Figure 90 presents the data
plotted as a function of average powder particle diameter. The increase in yield strength with
decreasing powder size, which is related to the strength of the coarsest powder, is on the order of
10% or less at ambient temperature and over 80% at the 1300°F test temperature. The increase
in yield strength at ambient temperature may be due to a finer grain size, a finer TiB, dispersion
or a combination of these factors. The larger increase in yield strength obtained at the higher test
temperatures with the finer powder fraction is believed to be due to a uniform microstructure, a
high aspect ratio grain and a fine TiB, dispersion.
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TABLE 17. TENSILE PROPERTIES OF Fe;Al + TiB, AT AMBIENT

TEMPERATURE
Ultimate Reduction

0.2% Offset Tensile in

Yield Strength Strength Elongation Area

Lot Identification (hst) (hsi) (%) (%)

1 R063 124 166 18 46 -
1 R064 121 159 18 48
1 R085 134 180 18 44
1 RO068 124 164 20 50 R

1 R069 120 162 20 49
1 RO070 115 156 18 41
1 ROT1 124 167 19 50
1 R073 106 130 4 8
2 RO79 130 177 19 48
2 R080 144 191 16 38
2 R081 129 188 18 41
2 R082 169 206 18 36
2 RO8S 130 176 18 45
2 R089 133 180 17 34
2 R080 147 196 18 40
2 R091 151 201 17 34
2 R097 156 196 17 38
2 R098 164 195 13 33
2 R099 169 213 15 7
2 R100 170 214 17 33
3 R105 148 190 17 37
3 R108 155 199 15 3
3 R107 160 203 17 38
3 R108 163 206 14 29

mic

TABLE 18. TENSILE PROPERTIES OF Fej;Al + TiB, AT 500°F (260°C)

Ultimate Reduction
0.2% Offset Tenasile in
Yield Strength Strength Elongation Area

Lot Identification (ksi) (ksi) (%) (%)
1 R063 118 161 15 54
1 R064 106 154 14 50
1 R085 139 177 14 36
1 RO68 124 164 20 50
1 R069 98 158 14 46
1 R070 1156 156 18 41
1 ROT1 114 165 15 45
1 R073 65 133 12 29

21mc

With respect to ductility, the data in Tables 17 through 22 show the elongation increasing .
with test temperature with the smallest change for material swaged at the lowest temperature.
However, the elongation also de~reased with increasing temperature over 1000°F (538°C) and the
stronger material produced with the finer powder has the lowest ductility. The level of ductility
in this case should be related to the leve! of strain in the material. The same trend was observed
to some extent with reduction in area, but in either case the ductility of Fe,A! + TiB, was quite
good, and for its strength level it is not unlike that of a conventional steel.
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TABLE 19. TENSILE PROPERTIES OF FejAl + TiB; AT 1000°F (538°C)

! Ultimate Reduction
| 0.2% Offset Tensile in
| Yield Strength: Strength Elongation Ares
‘, Lot Identification (hsi) _ (hei) %) (%)
2 R079 73.8 79.8 23 85
- 2 R080 81.0 88.8 17 82
2 RO81 83.6 91.6 18 85
! 2 R082 83.6 90.3 24 82
{ 2 R088 712 80.4 60 88
- 2 R089 73.2 80.3 15 87
l 2 R080 76.8 828 20 83
| 2 R051 77.2 848 15 81
2 R097 825 99.7 80 88
2 R098 83.2 91.0 105 89
2 R100 82.8 98.1 89 87
i 3 R105 85.2 91.0 16 88
: 3 R106 8.9 92.6 9 84
| 3 R107 80.0 83.7 13 84
’ 3 R108 88.0 95.1 6 81
MIc
, TABLE 20. TENSILE PROPERTIES OF Fe;Al + TiB, AT 1200°F (649°C)
Ultimate Reduction
0.2% Offset Tenaile in
Yield Strength Strength Elongation Arec
__Lot Identification (hsi) (hsi) (%) (%)
1 R063 27.6 33.1 83 94
1 R064 26.0 327 82 ™
1 R065 33.1 394 67 93
1 R068 26.4 32.7 72 95
1 RO 26.4 346 il 95
1 R070 244 29.8 93 95
1 RO71 26.3 328 115 95
1 R073 22.9 29.5 122 96
2 RO79 29.2 34.5 23 92
; 2 ROS0 35.9 40.6 45 90
( 2 R081 204 317 20 91
2 R082 39.1 470 33 87
} 2 R088 30.9 35.8 28 91
2 R089 29.7 348 22 91
2 R090 37.3 43.1 26 86
2 RO81 38.2 434 9 86
2 R097 28.6 39.2 108 94
2 R098 32.0 410 76 93
2 R099 385 459 22 38
2 R100 419 48.2 69 88
3 R105 324 40.7 16 89
. 3 R106 35.6 476 23 88
3 R107 404 487 18 86
3 R108 39.0 45.1 30 82 ;
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TABLE 21. TENSILE PROPERTIES OF Fe;Al + TiB, AT 1800°F (982°C)

Ultimate Reduction
0.2% Offset Tensile in
Yield Strength Strength Elongation Area
Lot Identification (hsi) (ksi) (%) (%)

1 R063 4.2 8.9 83 96
1 R084 4.2 44 72 94
1 R085 .6 11.0 60 87
1 R068 41 6.7 86 96
1 RO089 5.7 89 83 97
1 RO70 4.4 55 88 96
1 RO71 71 8.0 n 96
1 R073 4.4 6.3 92 94
2 RO79 73 10.1 13 84
2 R080 123 15.7 16 62
2 RO81 7.4 10.0 64 81
2 R082 14.6 18.8 8 56
2 RO88 1.7 10.6 42 84
2 RO89 8.3 10.6 8 80
2 R090 14.3 15.9 11 61
2 RO091 18.5 19.3 9 53
2 RO97 8.5 11.5 23 76
2 R098 8.0 11.1 39 83
2 R099 15.0 179 16 62
2 R100 15.2 19.1 18 65
3 R105 S.1 12.8 26 81
3 R108 9.6 12.8 22 80
3 R107 11.2 15.6 24 79
3 R108 14.0 17.5 13 70

TABLE 22. TENSILE PROPERTIES AT ELEVATED TEMPERATURES

2IC

Ultimate Reduction
Test 0.2% Offset Tensile in
Temperature Yield Strength Strength Elongation Area
Lot Identification (°F) (°C) (ksi) (ksi) (%) (%)
300 149 150.8 188.5 13 25
3 E105 300 315 145.1 188.2 13 30
(—80 mesh) 1400 760 17.2 23.3 14 88
1600 871 11.7 16.0 28 88
3 R106 600 316 150.8 191.8 15 31
(—120 mesh)
3 R107 600 315 159.3 193.8 13 30
(=170 mesh)
300 149 162.2 2014 13 20
3 R108 600 315 167.6 197.5 13 25
(—230 mesh) 1400 760 23.8 30.0n 24 81
1600 871 18.7 23.4 18 72
2mece
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Figure 89.  Effect of Particle Size and Working Temperature on the 1800°F Tensile
Strenth of Fe,Al + TiB,
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Figure 90.  Ejffect of Particle Size on Yield Strength of Fe;Al + TiB, at Different Test :
Temperatures ;
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The stress rupture properties at 1800°F (932°C) listed in Table 23, for Fe,Al + TiB, were
obtained for both fine (—270 mesh) and ccarse (—80 +100 mesh) powder. The trend observed in \
¥ the data, especially for material produced with the coarser powder, is that of stress rupture life !
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increasing with decreasing swaging temperature. The data extrapolated to a 100-hour rupture
l:fe, and presented in Figure 91, show that the rupture strength at 1800°F (982°C) of material
producad with coarse pcwder increased from about 3.5 to 4.7 ksi (over 30%) by lowering the
swaging temperature to 1200°F. However, the material produced with the coarse (- -80 +100
mesh) powder swaged at 1200°F (549°C) was found to have recrystallized to an abnormally large
grain size during the 1800°F test. In this case, a large grain size alor:2 can account for the increase
in stress rupture strength. In comparison, the stress rupture strength of material produced with
the fine (—<70 mesh) powder did not vary with working temperature. The increased stability of
material produced with fine powder which is believed to be related to a more uniform structure
and finer TiB, distribution was discussed in a prior section describing the microstructure of this
alloy. Figures 92 and 93 shows the abnormal grein growth in samples swaged at the lowest
te.nperatures and the fine structure of material processed under conditions which limited strain
in the material.

TABLE 23. STRESS RUPTURE PROPERTIES OF FE;AL + TIB, AT 1800°F (932°C)
(—270 MESH FINE POWDER)

Stress 0.2% Creep  Rupture Prior Total RA Swaging'

ID (ksi) (hr) Lfe (hr) Elongation Elonga.ion (%) Temp (°F)
R1082 9.0 0.5 1.8 0.475 5.1 — 1300
R103 6.8 <04 1.0 0.751 134 94 1300
R108 5.2 2.0 49 0.402 13.0 94 1300
1 R108 43 3.0 6.8 0.851 13.1 93 1300
; RO082 4.3 34 7.3 2.44 109 75 1300
1 RO82A 43 105 185 0.733 44 17 1300
‘ RO080 4.3 6.0 8.6 0.829 7.8 57 1600
R080A 43 05 2.0 1.477 9.7 38 1600
RO08O 3.6 13.0 23.3 2.58 215 4 1600

(—80 +100 Mesh Coarse Powder)

R097 4.3 — 442 0.11 6.6 - 1200
R105 5.2 14 5.8 0.564 109 T 1300
R195 43 57.2 64.6 0.369 7.7 40 1300
R105 4.0 99 103.7 0.386 6.7 55 1300
Rv/9 4.3 19 14.2 2.746 8.2 45 1600
RO79A 4.3 59 14.2 0.049 6.7 23 1600

!Alloys extruded at 1650°F (899°C)
2-230 +270 mesh powder
AAnnealed 2100°F/4 hr (1150°C) after swaging

rmce

The stress rupture strength at high temperatures of Fe;Al + TiB, compared favorably with
that of some nickel-base alloys. For example, the 100- arn.d 1000-hour rupture strength of
Hastelloy “X” at 1800°F (982°C) are about 3.8 and 2 ksi respectively, while the equivalent
rupture strength of Fe;Al + TiB, with a fine structure is not that much lower.
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] Figure 91.  Effect of Swaging Temperature on 1800°F Stress Rupture Strength of FesAl +
TiB,
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Tensile Properties of Alloys Produced in Large Lots

Mechanical properties of the Fe,Al and FeyAl + TiB, alloy plate rolled from 1.8 to 3.76 (4.06
by 9.52 cm) 50 pound extrusions were determined in both the longitudinal and tranaverse
directions. The FeyAl alloy produced from —80 mesh powder was produced in the .olled and
annealed condition (1150°F (621°C) rolling and annealing temperatures) as well as in the rolled
and recrystallized condition (1150°F (621°C) rolling and 1350°F (732°C) annealing temperatures)
while the FesAl + TiB, alloy was tested in the rolied and annealed condition (1500°F (815°C)
rolling and annealing temperatures). Tensile properties were determined from ambient
temperature to 1400°F (760°C), fracture toughness at umbient temperature, and rupture strength
at 1000, 1200, and 1800°F (538, 650, and 982°C).

The tensile properties of the FegAl and Fe Al + TiB, alloys are given in Tables 24 and 25.
The longitudinal yield and tenaile strengths of the FejAl in the rolled and annealed, and rolled
and recrystallized conditions, and of the FegAl + TiB, produced with fine and coarse powder are
plotted in Figures 94 and 95. The yield and tensile strengths of the Fe,Al + TiB, alloy produced
from both fine and coarse powders were nearly equal.

The yield and tensile stzengths of the FegAl i the rolled and annealed condition were found
to be greater than the strengths of the recrystallized material from room temperature to about
900°F (482°C). The difference in strength could be related to the difference in both grain size and
degree of grain alignment. At higher temperatures, as could be expected, the strengths of the
recrysatallived FejAl were somewhat greater. In contrast to the latter results, the yield and tensile
strengths of the Fe;Al + TiB, were significantly higher from room temperature to about 900°F
(482°C) than those of the FejAl. For example, at 700°F (371°C), the yield strength of the TiB,
containing alloy was at least 2.5 times that of the recrystallized Fe,Al alloy (139.8 ksi versus 54.5
ksi). The increase in strength, in this case, should be derived from both a fine aligned grain size
and the presence of the TiB, dispersion. At higher temperatures to 1200°F (650°C), the strengths
of the TiB, containing alloy fell in the range of the strengths for the FesAl alloy, but at still
higher temperatures, 1400°F (760°C) and above, its tensile strength increased due to the aligned
grain structure and pinning of grain boundaries.

The elongation at room temperature of as-rolled and anneaied Fe;Al was found to be at
least twice (15 to 16% versus 6 to 8% elongation) that of recrystallized Fe;Al as shown in
Table 24 and Figures 96 and 97. 'The higher elongation of the rolled and annealed material could
be related to both a fine and aligned grain structure. As shown previously, recrystallized FegAl
has an equiaxed and appreciably coarser grain size. The room temperature elongation for the
Fe;Al + TiB, produced from coarse (—80 +140 mesh) powder was close to that of the rolled and
annealed Fe,Al alloy and somewhat lower (11 to 15% versus 15 to 20%) than for the same alloy
produced from extruded and swaged material, Figure 25. The lower ductility of the rolled alloy
could be due to a somewhat coarser grain size and a different texture. This was discussed in a
prior section. The apparent lower elongation of 11% for Fe;Al + TiB, produced from fine powder
could be related to residual strain in the material rolled at 1500°F (815°C). The reduction in area
measurements plotted in Figure 12 for the same alloys reflect the results obtained for tensile
elongation.

The transverse tensile properties are given in Tables 24 and 25. The transverse yield and
ultimate strengths of Fe;Al at room temperature were nearly equal to the longitudinal strengths,
but the elongation in the transverse direction was significantly lower. With increasing
temperatures, the transverse and longitudinal strengith and ductility of the alloy were more
nearly equal. Additional data is required to verify these measurements.
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Figure 94. Yield Strength Versus Temperature for Extruded and Rolled Fe;Al With and
Without TiB,

As shown in Table 25, the transverse yield and tensile strengths of Fe Al + TiB,, were
found to be similar in both the longitudinal (rolling) and transverse cirections. However, greater
scatter in the data and a lower ductility, as measured by elongation and reduction in area, was
measured for the transverse direction. At room temperature, the elongation in the trensverse
direction was lower by 60 to 80%, but lower by only 15 to 40% at 900 to 1400°F (482 to 760°C).
Differences in the elongation of fine and coarse powder material were alsc measured and
anomalies were found which indicate that the use of finer powder may provide a significant
advantage. For example, with three of seven samples, the elongation in the transverse direction
of material produced with the finer (—270 mesh) powder was equal to or greater than for the
same material tested in the longitudinal or rolling direction.
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Figure 95. Tensile Strength Versus Teinperature for Extruded and Rolled Fe;Al With and

Without TiB,

Stress Rupture Properties of Alloys Produced in Large Lots

FejyAl

The stress rupture properties of Fe,Al after rolling and annealing at 1150°F (621°C) (below
the recrystallization temperature) and rolling at 1150°F (621°C) followed by axnealing at 1350°F
(732°C) (above the recrystallization te; perature) are presented in Table 26. The measurements
at 900, 1000, and 1200°F (482, 538 aad 643°C) were made with samples machined in the

longitudinal or rolling direction.
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Figure 96. Elongation Versus Temperature for Extruded and Rolled Fe;Al With and
Without TiB,

The effects of recrystallization are a decrease in elongation, especially in the total
elongation, at the lower 900°F (482°C) temperature, and an appreciable increass, i.e., 28% to
101%, at the higher 1200°F (650°C) test temperature. These results are at variance with the
results obtained in tensile where the elongation at 1200°F (650°C) for recrystallization Fe;Al was
about half (22% versus 41%) that of the as worked material. At the lower 900°F temperature, the
tensile elongation of the recrystellized material was significantly higher, 64 versus 38%. This
difference in elongation between tensile and creep may be related to strain rate and grain
boundary effects since at higher stresses, in stress rupture tests, the elongation, as shown in
Table 27, became more nearly equal at 1200°F (650°C).
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Figure 97.  Reduction of Area Versus Temperature for Extruded and Rolled Fe,Al With
and Without 1B,
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TABLE 26. STRESS RUPTURE PROPERTIES OF Fe,Al IN THE LONGITUDINAL
(ROLLING DIRECTION)

02% Rupture Prior Total
Temperature Stress Creep Life Elongation Flungation RA
1D (°F) (hai) _(hr) (hr) (%) (%) (%)
A 900 35.0 2.0 1270 33.7 55 67
B 900 35.0 177 129.6 22.2 26 55
A 1000 20.0 09 55.4 26.8 36 n
B 1000 16.0 5.2 4185 48.7 69 (i
B 1000 20.0 33 60.6 45.6 62 n
B 1000 15.0 12.1 3124 — 78 62
r A 1200 75 0.1 8.0 39.7 116 86
A 1200 5.0 0.2 19.9 19.4 29 85
! A 1200 35 13 439.5 27.0 28 66
: B 1200 7.5 <0.1 71 415 89 89
T; B 1200 5.0 0.6 21.7 29.1 a2 89
! B 1200 35 6.4 388.7 81.7 101 70

(1 A — FeyAl Rolled and Annealed at 1150°F (621°C)
B — FesAl Rolled at 1150°F and Annealed at 1350°F (732°C)

mnic

TABLE 27. STRESS RUPTURE PROPERITES OF Fe;Al PRODUCED FROM FINE AND
COARSE POWDER TESTED IN THE LONGITUDINAL/ROLLING DIRECTION

0.2% Rupture Prior Total

Temperature Stress Creep Life Elongation Elongation RA

1D (°F) (ksi) (hr) (hr) (%) (%) (%)
F 1000 26.0 0.3 36.7 43.5 54 65
F 1000 20.0 0.7 161.5 44.8 51 51
C 1000 20.0 14 669.1 38.9 37 70
F 1200 20.0 <0.1 6.8 4.6 n 81
F 1200 12.0 <0.1 140 45.0 69 74
F 1200 10.0 .2 41.8 49.4 61 63
F 1200 8.5 0.3 98.4 24.7 67 64
C 1200 12.0 0.1 34.1 12.6 18.6 73
C 1200 11.0 <0.8 2269 36.1 38.9 78
C 1200 9.0 0.5 513 Disc — — —
F 1800 4.0 3.2 9.2 1.561 8 18
F 1800 3.0 - 344.7 0.43 7 65
C 1800 4.0 <0.1 1.5 4.9 46 91
C 1800 3.0 0.3 36.3 9.7 12 25
C 1800 2.0 0.3 510 Disc — — -

() F — FeyAl Fine (—270 mesh) Powder Rolled and Annealsd at 1500°F
C — FesAl Coarse (—80 mesh) Powder Rolled and Annealed at 1500°F

21110

The stress rupture life was apparently little affected by the recrystallization. This is
surprising in view of the difference in grain structure which is aligned 2 to 30 inicrons in
diameter in the worked Fe;Al and equiaxed 50 t- 0 microns in the recrystallized material.
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Fe,A + TiB,

The stress rupture properties of Fe;Al + TiB, produced from fine (--270 mesh) and coarse
(—80 +140 mesh) powder extruded 8 to 1 at 1700°F (927°C) and rolled 65% at 1500°F (815°C) are
given in Table 28. The tests were conducted at 1000. 1200, and 1800°F (538, 649, and 982°C) with
samples machined in the longitudinal or rolling direction.

TABLE 28. STRESS RUPTURE PROPERTIES OF Fe,Al PRODUCED FROM FINE AND
COARSE POWDER TESTED IN THE TRANSVERSE DIRECTION

0.2% Rupture Prior Total

Temperature Stress Creep Life Elungation Elongation RA

1 (°F) (ksi) (hr) (hr) (%) (%) (%)
C 1000 20.0 <i.0 252.7 315 35 26
F 1200 20.0 <0.1 0.4 284 37 49
F 1200 10.0 <0.1 13.3 33.6 35 32
F 1200 8.5 0.1 23.8 30.8 31 28
C 1200 2.0 0.1 85.8 23.6 24 24
C 1200 7.0 0.6 363.3 89 104 13.8
F 1800 20 @ 29.8 — 2 0
F 1800 14 — 154.3 — 8 3
F 1800 4.0 — <0.1 — 51 21
F 1800 2.0 — 24 — 31 2
F 1800 1.4 — 23.3 — 16 14

) F — FejAl + TiB, Fine (—270 mesh) Powder Rolled and Annealed at 1500°F
C — FeyAl + TiB, Coarse (—80 +140 mesh) Powder Rolled and Annealed at 1500°F
) _ Not Measured

2mc

The material produced with coarse powder was found to have a significantly greater stress
rupture life (659.1 versus 161.5 hours) at the lower 1000°F (538°C) test temperature. The reverse
(36.3 versus 344.7 hours) was found to be the case at the higher 1800°F (982°C) test temperature.
At the intermediate 1200°F (650°C) test temperature, the increase in stress rupture life for the
material produced from coarse powder was 34.1 versus 14.0 for the material produced from fine
powder. These results suggest that some change in structure is taking place with increasing
temperature, and that the rupture life of both materials could be equal at about 1600°F (871°C).

The elonigation of the allcys was found to be related to the rupture life with the correlation
being different at the higher 1800°F temperature. That is, the total elongation at 1800°F was
lower (7 versus 12%) for the material produced with fine powder. However, the reduction in area
whick could be more accurately meesured was greater (65 versus 25%) for the material produced
with the fine powdei. According to the stress rupture results discussed previously, the 1800°F
(982°C) test samples of Fe;Al + TiB, produced from fine powder and awaged at 1600°F (871°C)
retecined a fine grain size during test, while the same material swagsd at a lower 1200“F (£50°C)
tempzroture recrystallized during test to an abrormal grain size in the gauge section of the
sample. In comperison. the 1800°F (982°C) test samples of material produced from coarse powder
and swaged at a low temperature, for example, 1200°F (65G°C), recrystallized tv &n abnormal
grain size in the rage as well ar in the grip section of the samples while the same material swaged
at 1600°F (871°C) retained a fine aligned worked structure throughout.

The stress rupture results obtained with the large extrusions, and discussed above, were
found to be related to their microstructures as shown in Figure 98. The Fe Al + TiB, samples
produced with {ine powder and rolied at 1500°F (815°C) and tested at 1800°F (982°C) were found
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to have an abnormally large grain structure. In comparison, the material produced with coarse
powder and ‘ested under the same conditions retained a fine grain size. As noted in Figure 98, the
stress rupture life (highest for the sample with large grains) correlated very well with
microatructure. The microstructure of stress rupture samples tested at the lower temperatures
(1000 and 1200°F) were fine grain as in the gage section of Figure 97B. The higher stress rupture
lives, for example, 6569.1 versus 161.5 hours, were for the material produced with coarse powder
which had the finer and higher ratio grain structure.

The stress rupture results described previously, especially the 1800°F (982°C) results, are at
variance with the results for swaged material discussed previously. The variance which was
related to the microstructures of the alloys also demonstrated the difficulties which can be
encountered with scale up of a new alloy. The significance of the stress rupture results obtained
with the large extrusions of Fe;Al + TiB, are believed to be as follows.

The stress rupture properties of Fe;Al + TiB, in the transverse direction sre shown in
Table 27. The stress rupture life at 1800°F (982°C) for the material produced with fine powder
was appreciably greater (153.3 versus 23.3 hours) than the material produced with coarse powder.
The reverse was obtained for the 1200°F (650°C) tests. These results are comparable to the
results obtained in the longitudinal direction except that rupture life was generaily much lower in
the transverse direction. The longitudinal to transverse stress rupture life from Tables 27 and 28
is in some cases more than an order of magnitude greater. However, the difference in rupture
strength is considerably less. The correlation between microstructure and stress rupture results
are essentially the same as described for the stress rupture results in the longitudinal direction.

The relative stress rupture properties of Fe,Al and Fe;Al + TiB, are shown in Figure 99.
The Fe;Al + TiB, was found to be stronger than the Fe,;Al, and especially at the higher 1800°F
(982°C) temperature. The TiB, dispersion in an aligned fine (or coarse) grain Fe;Al + TiB, alloy
greatly enhanced stress rupture strength attaining a level comparable to that of Hastelloy “X.”
Although the use of fine versus coarse powder and varying processing schedules could affect grain
size, grain alignment, dispersion size, and resistance to abnormal grain growth, the stress rupture
results for Fe,Al + TiB, shown in Figure 99 did not vary over that wide a range. Of greater
concern was the effect of grain size on alloy ductility, and this could be controlled to a large
extent. The resistance to grain coarsening was found to be related to the level of residual strain in
the matcrial, but as was discussed in a prior section, alloying was found to be more effective in
raising the recrystallization or abnormal grain growth temperature in this class of alloys. The
alloying of Fe;Al + TiB, with molybdenum, studied under Company-funded IR&D programs,
also increased the stress rupture of the alloy to a comparatively high level. These results are
presented to show the relatively high temperature strengths as well as the potential of the alloys
for use in aircraft engine applications.

Fracture Toughness Properties of Alloys Produced in Large Lots

The fracture toughness properties of Fe;Al and Fe;Al + TiB, were determined using
compact tensile samples. Tests were made with crack propagation parallel and transverse
(perpendicular) to the rolling direction. The Fe;Al alloy was tested after rolling arnd annealing at
1150°F (621°C) and after recrystallization at 1350°F (732°C). The Fe;Al + TiB, alloy derived
from fine (—270 1nesh) and coarse (—80 +140 mesh) powder was tested after rolling at 1500°F
(815°C). -
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Figure 99. Stress Rupture in 100 Hours for FesAl and FejAl + TiB, Provided from a
Large Rolled Extrusion

NN, "WTICR

In accordance with ASTM E399, “Plane Strain Fracture Toughness of Metallic Materials,”
sample size must be such that linear elastic behavior is obtained. Analysis of the
load/displacement data for the iron aluminides indicated that sample thickness was inadequate
to obtain plane strain conditions. Since all test load ratios (Ppas/Pg) exceeded the maximum
(1.10), the presence of considerable plastic deformation was implied. However, pure plane strain
fractures were obtained for all samples tested.

Examination of samples fractures, Figure 100, revealed a “lamellar type” structure with
considerable secondary cracking. It appears that the failure mechanism in these alloys
contributed to the plastic behavior observed in the recorded data, and consequently the tests
were judged as meeting basic plane strain conditions. Nevertheless, the calculated Kq values
presented in Tables 29 and 30 should be qualified as approximations for engineering comparison,
and should not be considered as critical plane strain K,; values.
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Figure 100. Typical Fracture Surface of the FesAl and FeyAl + TiByAlloys

TABLE 29. FRACTURE TOUGHNESS PROPERTIES OF ROLLED FejAl

Ko ksi \/in.
Direction_of Crack Propagation

Longitudinal Transverse
Rolled and 36.8 34.1
Annealed 36.2
at 1150°F
Recrystallized 279 —_
at 1350°F

e

TABLE 30. FRACTURE TOUGHNESS PROPERTIES OF ROLLED FeyAl + TiB,
ALLOY PRODUCED WITH FINE AND COARSE POWDER

Ko ksi \/in.
Direction of Crack Propagation
Longitudinal Transverse
—270 Mesh 69.6 43.6
—80 +140 62,7 714
Mesh 50.7 65.8

mic

As shown in Figure 101, metallographic sections of fracture samples showed considerable
plastic deformation in the Fe;Al and FezAl + TiB, alloys, and much less in the Fe Al with the
recrystallized grain structure. Numerous cracks in the rolling plane of the fracture surface
emphasized the lamella structure of the rolled alloys. These were over 400 microns in thickness
in the Fe;Al and 100 to 200 microns in the Fe;Al + TiB,. As indicated previously, the
deformation within the structure no doubt contributed to the deformacion in the alloys. Although
the K, values listed in Tables 28 and 29 cannot be equated to K¢, it appears that the alloys do
possess a significant fracture toughness.
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SEM examination of the fracture surfaces, shown in Figure 102, revealed occasional
secondary cracks and large cleavage facets. In comparison, the fracture surface of FesAl + TiB,,
shown in Figure 103, revealed relatively large cracks spaced about 100 microns apart along with
finer cracks on the order of 10 microns apart. At high magnification, the latter fracture surface
consists of fine dimples charactsristic of void coalescence as well as cleavage.
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Figure 102. Fracture Surface of FeyAl Alloy
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Figure 103.  Fracture Surface of FesAl + TiB, Alloy

The average Kg of 65.8 ksi \/in. for Fe;Al + TiB, compared to 33.8 ksi \/in. fo the Fe Al
alloy is believed to be due to its finer structure and the type of fracture obtained. As expected, the
recrystallized FejAl had the lower Kg of 27.5 ksi in. The difference in transverse Kﬂof the FegAl
+ TiB, produced from fine and coarse powder was related to alloy structure. The alloy produced
with the coarse powder had the finer and higher aspect grain strmcture ar.: the higher Ko
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Evaluation of Dispersoids — Task | Extension

The goal of this task was to increase the specific modulus of iron aluminum from 112 (10)¢
for FeyAl to at least 140 (10)® by increasing the aluminum content of the alloy. This goal was to
be accomplished in an allyy with a tensile elongation approaching 10%. Three alloys,
(1) Fe-18.3A1-8Cr-2Mo-1.9TiB,, (2) Fe-18.3Al-1.3Mo-1.9TiB,, and (3) Fe-18.8A1-1.9TiB, (in
wt%), produced on a P&W program in sufficient quantities for use on this program, were selected ,
for processing. The alloy without chromium or melybdenum extruded 8 to 1 at 1700°F (927°C) '
and swaged 4 to 1 at 1500°F (816°C) had been found to have a modulus of 29.3 (10)® psi. (specific .
modulus of 129 (10)®in.) and a tensiie elongation of 5%, but the first alloy with both chromium
and molybdenum was believed to be the most promising in terms of microstructural stability and

. strength.

A . w v w SN Smmm— X s *

Processing

Alloy powders were screened through a —80 mesh screen in a high purity helium
atmosphere and transferred to stainless steel extrusion cans. Fourtcen extrusions were produced
at temperatures from 1750 to 2250°F (954 to 1232°C) at ratios from 8 to 1 to 30 to 1. Processing '
parameters for alloy number (1) are listed in Table 31. The first six samples (00688 to 00693) :
were extruded 8 to 1 subsequent to a blank die precompacted. Extrusion of the remaining .
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| samples in Table 31 (00750 to 00764 was carried out without pre-compaction. Extrusion and
| swaging conditious for alloys number (2) and (3) (samples 00807 to R251) are listed in Table 32.
High extrusion ratios, feasible at the highest temperatures, were employed to extend proceesing
conditions and to produce a high texture directly with little or no subsequent working.
Subsequent swaging of the extruded material was carried out at a temperature of 1450°F (788°C),
| where swaging was laborious, to a temperature of 2100°F (1149°C). All extruded bars were

swaged to 0.5-inch bar stock. Subsequent to swaging, the material was annealed at the swaging
temperature for one hour.

TABLE 31. PROCESSING PARAMETERS FOR ALLOY (1) .
b ¥
: Fe-18.3A1-8Cr-2Mo-1.9TiB,
)
) Extrusion Swaging Temperature (a)
Temp

1.D. (°F) _ Ratio Low Medium High
3
i
: (With Precompaction)
X 00688 1750 8:1 1450°F (R197) 1750°F (R198) 2000°F (R199)
i 00689 1850 8:1 1450°F (R200) 1850°F  (201) 2000°F (R202)

00690 1950 8:1 1560°F (R203) 1950°F (R204) 2100°F (R205)
) 00691 €250 81 1550°F (R206) 1750°F (R207) 2100°F (R208)
: 00692 2250 20:1 1550*°F (R209) 1750°F (R210) 2100°F (R211)
z 00693 2250 30:1 1550°F (R212) 1750°F (R213) 2100°F (R214)
. (Without Precompaction)
I 00750 1950 8:1 — — _
t 00751 2250 8:1 -— - -~
00752 2250 20:1 - — ~

N 00764 2250 30:1 - - -
: (a) All extrusions swaged to 0.5 inch bars and the bars annealed 1 hour at the
\ swaging temperature.
! 7
; TABLE 32. PROCESSING PARAMETERS FOR ALLOYS (2) AND (3)
)
% Composition w/o Extrusion Swaging
' bl soidaditldiindind = Sadundih.
I Temp. Temp
1 LD. Al Mo TiB, (°F) Ratio (°F)  Ratio

00807 183 1.3 1.9 2250 30:1 — -

00808 18.8 - 19 2250 30:1 — —

R250 18.8 — 1.9 1900 8:1 1700 41

R251 183 1.3 1.9 1900 8:1 1700 4:1

(a) All extrusions swaged to 0.5 inch bars and the bars annealed 1 hour at
tie swaging temperature,

e

) Longitudinal cracking plagued the processing of the first Fe-Al-Cr-Mo-TiB, alloy during
hot working and machining operations. This did not occur with the chromium-free alloys except
for less extensive longitudinal cracking of sample 00808 during machining.
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Alloy Evaiuation

Alloy number (1) (samples 00688 to 00693) extruded at an 8-to-1 ratio at 1750 to 2260°F
(954 to 1232°C) were found to contain near diametrical longitudinal cracks. Subsequent swaging
at temperatures from 1450 to 2100°F (788 to 1149°C) did not seal these cracks. These results
were unexpected, since the same alloy had been processed without much difficulty on a P&W
program. Subsequent extrusions (00750 to 00764) in Table 1 were carried out without a blank die
pre-compaction.

Sample 00692 extruded at a 20-to-1 ratio at 2250°F (1232°C), subsequent to precompaction,
was sound for part of the extrusion. The material swaged satisfactorily to 0.5-inch diameter bar
stock, however, the material could not be machined without cracking. Examination of cracked
material revealed transgranular fracture.

Sample 00693 extruded at a 30-to-1 ratio at 2250°F (1232°C), subsequent to pre-
compaction, was sound and swaged at 1750°F (954°C) without difficulty. Interestingly, the
microstructure of this 30-to-1 extrusion was not significantly different than that of the 8-to-1
extrusion. Therefore, a greater apparent ductility of the 30-to-1 extrusion may be due to higher
grain or prior particle boundary strength.

Samples 00750 and 00751 extruded at 1950 and 2250°F (1065 and 1232°C) and an 8-to-1
extrusion ratio, without pre-compaction, were found to be cracked diametrically along the entire
length of the bars. It appears that the precompaction step was not responsible for the cracking,
but that it was due to marginal tensile properties which could not sustain the tensile stressed
generated during nonuniform cool down from the extrusion teraperature.
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The 20-to-1 extrusion (sample 00752) carried out at 2250°F resulted in a nonuniform
extrusion where the can material periodically atuck to the die and thickened locally (about every
3 inches) poasibly dve to failure oi the lubricant. This failure of the canning material resulted in
extrusion of the alloy at ratios varying from 20 to 1 to as high as 80 to 1, and the process
repeating over the entire length of the extrusion. However, the material was crack free, and a
20-to-1 extrusion could be produced with better lubrication. ]

Samgle 00764 extruded at 2250°F (1232°C) and a 30-to-1 ratio, without precompaction, was
sound for part, of the extrusion. The material swaged aatisfactorily to 0.5-inch diameter bar stock,
however, the material could not be machined without cracking. Examination of cracked material
revealed partial transgianular fracture.

From the preceeding processing work, material suitable for evaiuatior was produced. The
30-to-1 as-extruded alloy (1) (samp!~ 70764) and the 8-to-1 extruded and swaged alloys (2) and
(3) (samples 0307, 00808, R250 anu .1251) were tested. The room temperature tersile properties
are presented in Table 33 and dynamic modulus data in Table 34.

TABLE 33. ROOM TEMPERATURE TENSILE PROPERTIES

YS — ksi UTS — ksi % Elong.
Alloy A* B* A B A B
Fe-Al-TiB, 69.5 91.5 1144 131.7 4 4
Fe-Al-Mo-TiB, 89.0 106.0 164.6 180.0 8 [
Fe-Al-Cr-Mo-TiB, 108.0 — 184.7 — 6
*A Extruded 30:1 at 2250°F B Extruded 8:1 at 1300°F plus swage 4:1 at
1700°F
271ce
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TABLE 34. DYNAMIC ELASTIC MODULUS

Elastic Modulus Specific Modulus
psi X 10° in. X 108
Alloy A* B* A B
Fe-Al-TiB, 26.5 20.6 116 130
Fe-Al-Mo-TiB, 27.7 29.6 121 130
Fe-Al-Cr-Mo-TiB, 325 - 142 - .

*A Extruded 30:1 at 2250°F, B Extruded 8:1 at 1900°F plus swage at
1700°F

mc -

The Fe-Mo-TiB, alloy was stronger and more ductile than the Fe-Al-TiB, alloy for both :
thermomechanical treatments. The room temperature ductility fell short of the goal of 10%
elongation. However, the elongation in a tensile test may be misleading in that the ductility in
theae materials is anisotropic. For example, the chromium-containing alloys cracked longitudi-
nally while the Fe-Al-TiB, alloy did not. Yet the chromium-containing alloy had the higher

elongation. Apparently the ductility in the longitudinal direction is greater than in the
circumferential direction.

The dynamic elastic modulus of the alloys with various thermomechanical treatments are :
| given in Table 34 and Figure 104.

‘ 34 p—
i 32 Identity ‘
! 250 No Addition |
30 R251 Mo ;
N0808 No Addition :
28 00807 Mo ‘
0C764 Mo + Cr

26

Modulus -
psi x 108 24

|

i 22
20

\ .

|

|

16

" I | I | l ] | l |
0 200 400 600 800 1000 1200 1400 1600 1800 2000
Termperature - °F

FD 319851

Figure 104. Dynamic Modulus vs. Temperature

The modulus was affected by composition and the thermomechanical treatment. The
chromium-containing alloy extruded 30 to 1 had the highest modulus, 32.5 104 psi, while the
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Fe-Al-TiB, alloy had the lowest, 26.5 10g psi. While the metal chromium has a higher elastic
modulus (36.6 10, psi) than iron (28.5 10 psi), for which it substituted, the rule of mixtures would

predict a smaller effect than was obtained and, as shown below, it was not apparent that the
chromium increased the modulus by increasing texture,

For both the F2-Al-TiB, and the Fe-Al-Cr-Mo-TiB,, the process of extrusion plus swaging
produced highcer modulii than the extrusion process alone, but the program goal of a specific
modulus of 140 X 10%-inch was achieved only with the chromium containing alloy.

The (110) and (200) pole figures of the five alloy/treatments listed in Table 31 are given in
Figures 105 through 107. All of the materials had a (110) wire type texture with varying strengths

depending on composition and thermomechanical processing. The strength of the textures are
given in Table 35.

Contour Values

0.5
1.0
2.0
3.0
5.0
10.0
15.0
20.0

NXYPOEX+D00O

EN
FD 319852

Figure 105. (110) Pole Figure for Extruded Fe-Al-TiB, Alloy

The strength of the (110) texture varied with processing; the textures of the extruded plus
swaged materials were stronger than those of the 30-to-1 extruded materials.

Summary of Task 1 Extension

The Fe-18.5 wt% Al alloys were found to be far more difficult to extrude and work, without
cracking, than the Fe;Al base alloy. A high specific modulus over 140 (10)® inches was obtained
with the chromium and molybdenum alloy, and this was coupled with a tensile elongation of 6%.
Changes is the composition of 18.5% Al alloys along with further processing investigations would
be needed to produce a satisfactory material for aircraft engine application.
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Figure 106. (110) Pole Figure for Extrude.! Fe-Al-Cr-Mo-TiB, Alloy
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Figure 107. (110) Pole Figure for Extruded and Swaged Fe-Al-Mo-TiB, Alloy

TABLE 35. TEXTURE STRENGTH (X RANDOM)

At B
Fe-Al-TiB, 31 240
Fe-Al-Mo-TiB, 9.6 327
Fe-Al-Cr-Mo-TiB, 150 —

*A Extruied 30:1 at 2250°F, B
Extruded 8:1 at 1900°F plus swaged
4:1 at 1700°F

2mc
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" The following conclusions are offered with regard to the study of iron aluminides.

1.

SECTION IV

CONCLUSIONS — TASK 1

Fe;Al produced as rolled plate from a rectangular extrusion was found to
have a tensile strength of 140 ksi and an elongation of 15 to 16%. The alloy
rolled at 1150°F (621°C) was found to recrystallize at about 1200°i (650°C)
and transform from an aligned to an equiaxed grain structure with an
elongation reduced to about 8%. The alloy shou!d be limited in use to a
temperature below 1000 to 1100°F (538 to 595°C}.

Fe,Al + TiB, produced in rolled plate from a rectangular extrusion was
found to have a tensile strength of 180 ksi and an elongation of 11 to 15%.
The alloy which was rolled at 1500°F (815°C) resisted recrystallization
(abnormal grain growth in this case) to about 1800°F (982°C), and this
temperature could be raised to over 2000°F (1093°C) by alloying or by
wnrking under conditions which limit residual stresses. Abnormal grain
growth significantly reduced the ductility of the alloy, but this could be
avoided and an alloy produced which has a use temperature to at least
2000°F (1093°C).

The transverse (perpendicular to the rolling direction) strengths of Fe,Al
and FejAl + TiB, were simila: to the strength in the longitudinal direction,
but the elongations were reduced by about one half. The rupture strength of
Fe;Al + TiB, at 1800°F (982°C) in the transverse direction was found to be
abeut half that in the longitudinal direction. For comparison, the rupture
strength of Fe,Al + TiB, in the longitudinal direction at 1800°F was about
equal to that of Hastelloy “X.” The elongation :n stress rupture and in the
transverse direction at 1800°F (982°C) was found to vary over a wide range
(<10 to about £0%) depending on stress or strain rate.

Variaiions in consolidation and working conditions for the proressing of
FegAl + TiB, and the use of fine versus coarse powder caused variations in
microstructure which were found to be the major reason for variation in
strength and ductility. In general, the finer and more continuous grain
structures produced the best combination of mechanical properties.

The fracture toughiness properties of the ivon aluminides as deﬁﬁed by Kq
was 65.8 ksi yin. for FejAl + TiB, compared to 33.8 ksi \/in. for Fe,Al The

difference is believed to be due to a finer lamellar structure in the latter
alloys. Examination of fracture surtaces revealed considerable secondary
cracking which contributed to the plastic behavior observed in the recorded
data. The recrystaliized Fe;Al with a larger grain size had a lower Kq of

27.5 ksi \/;—I; as was expected.

The Fe-18.5 wt% Al alloys were vound to be far mere difficult to extrude
and work, without cracking, than the Fe,Al hase alloy. A high specific
modulus over 140 (10)® inches was obtained with the chromium and
molybdenum allcy, and this was coupled with a tensile-elongation of 6%.
Changes is the composition of 18.6% Al alloys along with furthar
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processing investigations would be needed to produce a satisfactory
material for aircraft engine application.

POWDER FOR ALLOY DEVELOPMENT — TASK i

Powder Processing

Quantities of rapidly solidified aluminide powders were produced by the Pratt & Whitney
rapid solidification rate (RSR) rotary atomization process for delivery to the Air Force Material

Laboratory. Table 36 lists the alloy compositions and the amounts of —80 mesh powder produced
and delivered.

TABLE 36. ALUMINIDE POWDERS PRODUCED FOR AFML

Alloy Yield

ID Composition (wt%) in_ Pounds .
1 Fe-13.87Al 35 .
2 Fe-32.57Al 57 )
394 Fe-20.65Al 16.5 i
395  Fe-20.25A1-1.40Ti-0.60B 15 {
434 Fe-19.78A:-2.19V-1.98W 13.4

435  Fe-13.50A1-6.51Nb 12.3

436 Fe-12,10A1-1.728i-1.96Mo 11.9 j
437 Fe-11.85A1-1.68Si-1.92Mo-1.49Ti-0.59B 16.3 .
438 Supplied by Howmet 16.7 !
439 Supplied by Howmet 14.1 '
468  Fe-13.66Al1-3.76Nb 17.6

469  Fe-13.06A1-3.75Nb-0.97Ti 17.1

471  Fe-20.11A1-3.80Hf 16.3 i
472 Fe-10.76A1-2.808i-1.92Mo-1.49Ti-).59B 15.7 '
476 Fe-12.79A1-3.68Nb-2.42Ti-0.59B 9.6 :
477  Fe-13.77A1-1.86Zr 9.7 .
400  Fe-10.65Al1-6.13Ti-0.6B 12.1 ‘
403 Fe-13.21A1-0.94Ti-7.09Ta 19.2 X
441  Ni-13.28% Al 19.7
442 Ni-14.53% Al 16.5
443  Ni-4.80% Al-1520% Fe 71
444  Ni-4.90% Al-15.00% Mn 22.5

745%C

The processing of Fe;Al (Alloy No. 1) in a AGT 400,000 P&W atnmization device met with '
limited success in terms of powder yield. The difficulty was due to reaction between a SiO,
bonded MgO crucible and the liquid metal which had to be held at a temperature of 3100°F
(1704°C) for its metering prior to atomization. In some cases, the liquid metal reacted to such an
extent that it had to be discarted. In comparison, only 2850°F (1565°C) was required for the
atomization of al'oy No. 2, and it atomized without difficulty. Additional Fe;Al was processed in \
a smaller 30-po.nd capacity experimental atomization device where alumiua ciucibles were o
available for use. Nevertheless, 35 pounds of Fe;Al were produced and delivered to the Air Force. Z
The Fe32.57Al alloy (No. 2) was produced without difficulty in the larger AGT 400,000

atomization device. The remaining alloy compositions were converted to powder in a 30-pound
capacity experimental atomization device.

The alloys were obtained from vendors or produced by vacuum induction melting of the

metals in alumina crucibles and cast in copper molds. Cast billets were normally 30 pounds in
weight.
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SECYVION V

TASK il

INTRODUCTION

Task III effort was conducted at P& W /Engineering Division — North to develop wrought
austenitic iron aluminides with low strategic element contents which can be used at temperatures
np to about 650°C. The material should be capable of replacing 12% Cr stainless steel such as
H-46 »nd perhaps iron-base superalloys of the A286 type in engine applications.

Austenitic iron aluminides are known tc form in three alloy systems: Fe-Mn-Al,
Fe-Mn-Al-C, and Fe-Ni-Al/Ti. Extensive work (References 1 and 2) in the 1960’s and the early
1960’s showed that Fe;Al-based alloys had the potential to repiace titanium alloys and some
stainless steels. However, reservations cver the ductility of these ferritic materials at lower
temperatures prompted the dev:lopment of a second alloy series with an austenitic structure. It
was shown that the best, and lowest cost, system for such a development was Fe-Mn-Al.
Although Fe-Mn-Al alloys were investigatcd about 20 years ago, the physical metallurgy of the
alloys and the strengthening mechanisms were not studied in any detail. One of the goals of this
program task is to further develop Fe-Mn-Al alloys. The approach taken here is to achieve an
understanding of the microstructure as a basis for further improvement.

Formation of an ordered face-centered cubic phase of the L1, type in the Fe-Mn-Al-C
system is a recent discovery by Japanese workers. They concluded that the austenitic phase was
a metastable phase produced as a result of rapid solidification. This phase was found to have
excellent strength and ductility (Reference 3). Improved Fe-Mn-Al-C alloys will be formulated
and produced as rapidly solidified powder for study in this program.

The third alloy system, Fe-Ni-Al/Ti has also been studied extensively in the past. It is the
basis for the development of superalloys. The goal is to determine if the material cost can be
reduced by substitution of Ni with Mn, both of which are austenitic stabilizers.

Thus, three series of alloys based on the Fe-Mn-Al, Fe-Mn-Al-C, and Fe-Ni-Al/Ti systems
were screened in the first 2 years of this program task. The formulation of these alloys is
provided in the foilowing section. Results from the alloy screening were used to select the alloys
which were studied in greater detail during the 3rd-year program described at the end of this
section.

ALLOY SCREENING
Alloy Formulation
Fe-Mn-Al Alloys

Alloys for Basic Studies

The nominal compositions of the alloys formulated for basic studies are given in Table 37.
The base alloy, containing 30 at. % Mn, 12 at. % C, and balance Fe (alloy 102), lies well within
the fcc phase field in the Fe-Mn-Al ternary diagram, Figure 108, so that with modest additions of
fexrite stabilizers the alloys should remain completely austenitic. The relatively high C level was
selected since a preliminary internal study indicated that the yi=ld strengths of alloys with lower
C contents decreased significantly at elevated temperatures. Further, the higher C content may
also prevent formation of ferrite which is considered to have deleterious effects on creep-rupture
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properties. Si and Ni were selected as the major alloying elements in the initial phase of this
study, again based on results of previous (1950} studies which indicated that these slements
significantly improved the tensile and rupture strength of Fe-Mn-Al alloys. Chromium was
chosen as the first carbide former to be studied, as Cr carbides are probably the best
characterized interstitial compounds in commercial steels in terms of crystallography, phase
transformation, etc., thus providing a good reference system for studying carbides in the
Fe-Mn-Al system. To study the individual and interactive effects, Si, Ni, and Cr were added
singly and in various combinations. Note that in alloys 107 through 110, Ni substitutes for Mn
with a Ni/Mn ratio of 0.2. Alloy 111, with a Ni/Mn ratio of 1.0, will yield information on the
effacts of higher Ni substitutions, and will provide a basis for comparing norequilibrium phase
formation in the rapidly solidified powder alloys described below.

TABLE 37. ALLOYS FOR BASIC STUDIES, AT.%, (WT%)

Alloy

v . ‘

Fe Mn Al C Si Cr Ni
103 Bal. 30 12 4 - - -
327 (6.4) (0.95) - — - b
104 Bal. 30 12 4 4 - —
(33.4) (6.6) 0.97) (2.3) - - 4
105 Bal. 30 12 4 —_ 2 — g
(32.8) 6.4) 098) — 2.0 —
106 Bal. 30 12 4 2 2 -
33.1)  (6.5) 097 Q.1 2.1) —
Cast
107 Bal. 25 12 4 — 5
21.2) (6.4) 0.95) — (5.8)
108 Bal. 25 12 4 2 P 5
27.2) (6.4) 095) (1.1 (5.8)
109 Bal. 25 12 4 -
21.2) (6.4) 0.95) — , (5.8)
110 Bal. 25 12 4 2 p) 5
(27.5) (6.5) (0.96) (L1 2.1) (5.9)
111 Bal. 15 12 4 - - 15

(16.2) (6.4) (0.94) —

!

(17.3)
450C

R B
—
~
o
PRI " L 36 2V APl oo et P = e P g P AR e e e e, L

0.
0

Fe 20 40 60 80 100
Mn - wt%

FDA 318367

Figure 108. Fe-Mn-Al Ternary Diagram at 760°C, (Schmatz, 1959). The Approximate

Position of the Base Alloy (Alloy 103) Is Indicated by the Filled Circle in the
Austenitc Phase Field
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Alloys Based on Previous Investigations

The compositions of the most promising alloys studied during the 1950’s are summarized in
Table 38 together with the modified alloy compositions (alloys 67 and 68) for the present
investigation. Alloy BA28-2 showed good stress rupture properties (Reference 12); however, the
high Nt, Mo, and W contents, which had beneficial influence on creep rupture properties, led to
difficulties in mechanical working of this alloy, which was subsequently modified to BA36-1
(Reference 1). The compositions of both alloys are rather complex. Schmatz (Reference 2) took a
simpler approach and determined, based on tensile properties and oxidation resistance,
promising alloy composition ranges.

TABLE 38. PROMISING ALLOYS OF THE 1950'S AND PRESENT
MODIFICATIONS, WT%

Alloy Fe Mn Al C Si Ni Mo w |4 Others Ref.
BA28-2 Bal. 36 7.0 0.6 - 6.0 2.0 20 0.5 15 Cu 5
BA36-1 Bal. 33 7.0 0.7 05 3.0 1.0 0.5 0.5 001 B 1

(140)

Ford Bal. 25 8.0 08 1.0 — - - - 2

to to to to
35 9.0 1.0 20

67 Bal. 32 8.0 0.2 0.5 6.0 3.0 — 0.3 _ — Fresent
68 Bal. 32 8.0 0.2 0.5 6.0 3.0 — - 02 T Study
0.2 Nb,
001 B
7450C

In the present studies, it was considered that the powder metallurgy techniques may
overcome early workability problems associated with BA28-2-type alloys. However, the high C
contents in the alloys of the 1950’s could present a prior powder particle boundary decoration
problem in the consolidated materials, as experienced during the early stage of the nickel-base
powder alloy development program. Therefore, the C level was reduced to 0.2 al.% for alloys 67
and 68. In alloy 68, V is replaced by Ti and Nb, which are also strong carbide formers. Further,
structural characterization was also conducted on BA36-1, designated alloy 140 in the present
studies, to provide insights for further improvements.

Alloys for Corrosion Studies

Studies in the 1950’s have shown the good oxidation resistance of Fe-Mn-Al alloys can be
attributed to the high Al content. Unfortunately, the sulfidation resistance of Fe-Mn-Al alloys
could k2 lower due to the absence of Cr. A minimum of 12 at.% Cr is generally considered
necessary to impart corrosion and oxidation resistance to stainless steels. It was considered
worthwhile to study small Cr additions (5 at.%) to Fe-Mn-Al alloys to determine if the element
would act synergistically with Al and/or Si.

Simple alloys, Table 38, similar to those studied by Schmatz, were selected for this study.
Si, which was determined to be beneficial to oxidation resistance and tensile strength, was
maintained at a recommended level of 1.5 at.%. The concentrations of Al were set at 8 and 10 1
at.% and Cr, at 0, 3, and 5 at.%. Sulfidation resistance of these alloys in an environment of
Na,SO, and NaCl were studied under three different conditions: (1) uncoated surface, (2) surface
protected by an aluminized coating, and (3) by a chromized coating. For comparison, the
oxidation and sulfidation resistances of commercial alloys A286 and H46, Table 38, under the
same conditions were also evaluated. Results are given in Section 2.C.(7).
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TABLE 39. NOMINAL COMPOSITIONS OF ALLOYS (WT%) STUDIED IN CYCLIC
OXIDATION AND SULFIDATION TESTS

Alloy Fe Mn Al Cr Si C Ni Mn Ti |4
50 Bal. 30.0 8.0 -— 1.6 10 P — - -— -
74 Bal. 30.0 8.0 3.0 1.5 1.0 -_ —_ — —_
15 Bal. 30.0 8.0 5.0 1.5 1.0 - - — -
76 Bal. 30.0 10.0 3.0 1.5 1.0 — - - -

A286 Bal. 1.5 —_ 15.0 0.7 - 25.5 1.3 2.1 03

H46 Ral. 0.7 — 11.0 0.4 0.2 0.6 1 — 0.3

7480C

Fe-Mn-Al-C Alioys — First Series

Table 40 shows the composition of the powder alloys selvcted for the present studies. Alloy
97 is one of the alloys which forms a metacteic single phase L1, structure under rapid
solidification conditions, as recently reported by Japanese workers (Reference 3), Figure 109.
Alloy 101, which differs significantly from allcy 97, is predicted to behave similarly under rapid
solidification conditions according to the Japr.nese studies. Chromium is added to increase the
thermal stability and strength of the metastable phase (Reference 3). Alloy 102 is a variant of

alloy 101 with Ni substituting for half of the Mn, because Ni has also been shown to be an L1,
stabilizer.

TABLE 40. COMPOSITIONS OF Fe-Mn-Al-C ALLOYS, AT.% (WT%)

Alloy  Fe Mn Al c Cr Ni
97 Bal. 20.0 16.0 8.0
(23.1) 9.1) (2.0)

Powder 10t Bal. 35.8 9.1 8.2 — 4.7 —
(40.0) (6.0) (2.0) - (5.0) —
102 Bal. 179 9.1 8.2 — 4.7 179
(19.7) (4.9) (2.0) — 4.9) (21.1)

1450C

Fe-Ni-Al/Ti Systems

Two systems which show formation of coherent face-centered cubic phases, y and v, are
Fe-Ni-Al and Fe-Ni-Ti, Figures 110 and 111, respectively. These alloys are the prototypes of
superalloys, the most creep-resistant alloys currently available. The key questions are the
effectiveness of replacing Ni with Mn, and whether the Y+’ phase field can be shifted to higher Fe
contents. The stabilization of the ¥ phase (rather than the ordered bee phase) is anticipated to be
difficult. Work on phase stability in the austenitic Fe-Ni alloys in the early 1960’s showed that
with Al additions, the ordered bee phase was formed. However, if most of the Al was replaced by
Ti, then the Y phase was stable. It may be noted that the iron base superalloy, A286, illustrates
this trend in that Ti is the ¥ former rather than Al. The role of carbon in such systems will have
to be carefully evaluated as there is a very close relationship between y and perovskite structures.

However, the addition of Ti may cause the formation of MC carbides, thus upsetting the desired
phase balance.
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14 r— Fe-Mn-Al-2.0C

12 Ordered Ausionite (v)
Ordered Austenito +FeAl (Brittie)
(Brittle)
. 10—
r e Alloy 97
Awtte ol \ Ordered
Ordered I Austenite
Austenite } +MnC (Britte)
61— (Ductile)
* Ahoy
\ 101 and 102
A
. | ¥+MnC (Ductie) | 1 |
0 20 40 60 80
Mn- wt%

FDA 318368

Figure 109. Compositional Dependence of As-Quenched Structure of Fe-Mn-Al-2.0C Alloys
Formed by Rapid Quenching (Melt Spinning) Technique. After Inone et al,
1981 (Ref. 3)

Fe-Ni/Mn-Al Alloys

To explore the Fe-Ni-Al systems, alloys indicated in Table 41 were formulated for the
present studies. Alloys 147 and 149 lie at the boundary of the (y+') phase field and alloys 150 and
151 well within the (y+') phase field. The effects of Ti and C in the formation of the ¥ phase are
to be evaluated in alloys 148, 149 and 151. Alloys 152 and 153 are intended to be baseline alloys.

Fe-Ni/Mn-Ti Alloys

To further pursue the development of a y and y phase mixture, alloys were also seleci:q
from the Fe-Ni-Ti ternary system as shown in Figure 111. An interesting feature of this system is
that for alloys which lie in the y+NigTi phase field or its vicinity, an NiyTi phase with an L1,-
type structure will be produced initially as a metastable precipitate which will eventually
transform to the equilibrium Laves phase (Fe,Ni),Ti and/or the DO,, structure, depending on
the specific alloy composition. For this type of alloy to be an: attractive alternative to commercia!
iron-base superalloys, a significant cost advantage is essential which can orly be achieved if the
Ni content can be reduced. Thus, the predominant variable to L2 studied was the extent to which
Mn can be substituted for Ni without upsetting the desired phase balances. The compositions of
alloys formulated for the present studies are given in Table 42, Nickel at levels of 30, 45 and 60
a/o will be studied, each at Mn:Ni ratios of 0, 1.6 and 3.0. Assurring that Ni and Mn are
interchangeable, the relative positions of the alloys are indicated in Figure 111. Further,
following the development experience of iron-base superalloys, 0.1 wi% Al is added to the alloy to
reduce the propensity of cellular phase reaction, and 1 wt% Mo is added to increase the
temperature capability. Alloying additions with high electron-to-atom ratios (e/a) have been:
considered important for the stabilization of the L1, structure in iron-base alloys. In order to
compensate for the lower average e/a in alloys No. 244 and 245, which have reduced levels of Ni
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(e/a=10), additions of Cu (e/a=11) to alloys No. 250 and 251 were included in this study. The
effect of the Ti level should be defined by alloys 169 and 170 which contain 2 and 4 a/o Ti,
respectively.

Al - Atomic %

FDA 3183689

Figure 110. Fe-Ni-Al Ternary System at 950°C. After Bradley, 1949*. Positions of Alloys
in the Present Studies Are Shaded, Assuming Interchangeability of Ni and
Mn in These Types of Alloys. y=fcc, Y=NiAl, B=becc, f'=FeAl, NiAl

Experimental
Preparation of Materials

The cast alloys were produced by nonconsumable arc melting of pure raw materials,
Table 43, in an inert atmosphere and casting into a water-cooled copper mold. The dimensions of
the castings for alloys listed in Table 37 are about 33 mm X 33 mm X 100 mm, and weigh about
0.77 kg each. These castings were hot rolled at 2100°F (1150°C) to about 60% reduction in
thickness with a reheating after about 30% reduction. To study the effect of dislocation
substructure on aging behavior, sections of the hot-rolled alloys were solution heat treated at
2048°F (1120°C) for 1 hour followed by an oil quench, and then further rolled at 1112°F (593°C)
to a thickness of about 6 mm. Smaller castings of alloys listed in Table 39 were produced in the
form of hemispherical buttons weighing about 0.1 kg each using the same raw materials and
casting technique.

* *A. J. Bradley: Iron and Stell Inst. J. 1949, Sept., p. 9.
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Figure 111, Isothermal Section of the Fe-Ni-Ti System at 700°C. After Speich, 1963**.
The Positions of Some of the Alloys Selected for the Present Studies Are
Indicated by Dots

TABLE 41. Fe-Mn-Ni-Al ALLOYS AT % (WT%)

Lt L oy

Alloy Fe Mn Ni Al Ti c
147 Bal. 370 23.0 10.0 — —
(38.2) (256.3) 5.1) - -
148 Bal. 370 23.0 5.0 5.0 -
(37.4) (249) 2.5) “0 -
149 Bal. 33.0 23.0 10.0 - 40
(352, (26.2) (5.2) - 09)
150 Bal. 500 100 125 - -
(52.8) (11.3) (6.5) —
151 Bal. 460 10.0 125 — 40
(50.2) a7 ©.7) - (1L.0)
152 Bal. 36.0 - 5.0 ~ -
(35.6) - 2.5) — -
153 Bal. 35.0 - 5.0 5.0
(35.8) - (2.5) (4.5) -
7450C

The powder alloys, with the exception of alloy 97, we: produced by vacuum atomization at
Homogenous Metals, Inc. (HMI) and screened to —80 mesh. Alloy 97 was produced as a 11.4 kg
ingot by vacuum induction melting, and then atomized at P&W/GPD using the RSR powder
process and equipment. Alloys 67 ard 68 were consolidated by vacuum hot pressing using a
32 mm diameter molybdenum (TZM) die. The other powder alloys (97, 101, and 102) were
consolidated by HIP.

*¢G. R. Speich: Trans. AIME, 1963, p. 754
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TABLE 42. NOMINAL COMPOSITIONS OF Fe-Mn/Ni-Ti/Al ALLOYS, AT.% (WT%)

TS WO T N WA W NPT W S T A WY LR W W WY W RO Y WY W W YO WY WY W WY Ry

Alloy Fe Mn Ni T Mo Al (Mn+Ni) Mn:Ni
189 38 a1 23 2 - - 00 16
(37.89) (36.29) (24.11) )
43 ab.2 - 30.0 40 0.59 0 30 0
(64.37) - (31.14) (3.39) (1.00) (0.10)
244 65.2 18.5 115 40 0.59 0.21 ] 1.6
(65.18) (18.19) (12.09) (3.43) (1.01) (0.10)
U5 65.2 22.5 75 40 0.59 0.21 30 3.0
(85.35) (22.19) (7.90; (3.44) (1.02) {0.10)
246 50.2 - 45.0 40 0.59 021 46 0
(49.19) - {48.36) (3.36) (0.99) (0.10)
247 50.2 27.7 17.3 £0 0.59 0.21 45 1.6
(50.11) (27.12) (18.15) (3.42) (1.01) (0.10)
‘ 48 50.2 33.75 11.25 40 0.59 0.21 3 3.0
‘ (50.31) (33.28) (11.85) (3.44) (1.02) (0.10)
’ 170 36.0 37.0 23.0 40 - - 60 1.6
! (36.00) (38.39) (24.18) (3.43)
t
l 249 352 37.0 23.0 40 0.69 0.21 60 1.6
| (35.09) (36.28) (24.10) (3.42) (1.01) {0.10)
| Cu
| 250 63.2 185 115 40 0.59 0.21 2.0
; (63.00) (18.14) (12.05) (3.42) (1.01) 0.10) .27
|
! 251 63.2 22,5 75 4.0 0.59 0.21 2.0
(63.17) (22.13)  (1.88) (3.43) (1.01) (C.10) 2.27
1480C

TABLE 43. PURITY OF RAW MATERIALS USED FOR MELTING

Iron 99.9%
Aluminum 99.9%
Carbon 99.99%
Silicon 99.99%
Chrowiium 99.9%
Nickel 99.9%
Manganese  *
74300

Microstructural Characterization

Microstructural characterization was performed using optical metallography, analytical
electron microscopy, and X-ray diffraction techniques. Standard specimen preparation proce-
dures for ferrous alloys were followed for the optical metallography. Thin foils for electron
microscopy were prepared using a twin-jet nolishing technique. The electrolyte consists of a
mixture of 150 ml each of ethanol, methanol, and butanol and 30 ml of perchloric acid used at
=10 to 0°C and 45 volts, producing a current of 60 mA. To study the structures of phases by
X-ray samples consisting of —400 mesh, filings were taken from solution heat treated alloys,
evacuated, and encapsulated in quartz. The capsules were then aged at 650°C for 16 hours which

|
|
!
|
|
|
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also reduced the residual stresses in the filings, and resulted in more distinctive diffraction peaks.
This procedure was observed to yield more reliable results than annealing in a vacuum or inert
atraosphere without encapsulation, which could result in depletion of Mn in the filings and
b produce misleading results. The annealed filings were examined using a diffractometer technique
with CrKa radiation.

To extract carbides from F.-Mn-Al alloys, various digestive solutions were tried including:
(1) an electrolyte (consisting of 10 volume % hydrochloric acid, 90 volume % methanol with 1g of
tartaric acid added per 100 ml of mixture) was used at a current density of 200 mA/cm? at 20°C; 1
(2) a bromine solution consisting of 10% bromine and 1% tartaric acid in methanol; and (3) an
aqueous electrolyte consisting of 15g or sodium citrate, 1.2g of potassium bromine, and 30g of
citric acid 1n a volume of 100 ml. The first two digestive solutions were found to be unsatisfactory

e Fe-Mn-Al alloys a« the hydrochloric arid electrolyte attacked the alloys at an extremely
siow rate; the bromine solution prcduced insoluble reactants during the digestion process. The
aqueous electrolyte tends tc dissolve both the matrix and the major precipitates.

y

Cyclic Oxidation and Sulfidation Tests

The specimens for these tests were .ut from the cast buttons of compositions given in
Table 38 and have dimersions of approximately 17 mm X 17 mm X 2 mm. For comparison,
similar specimens from ¢wo commonly used alloys, A286 and H46, were also included in these
wests. All the specimaens were polished to a No. 600 grit finish prior to testing. The cyclic
oxidation tests were conducted in static air between 68 and 1400°F (20 and 780°C) in 2-hour
cycles with 10 minutes per cycle for cooling. Sulfidation resistance to mixtures of NaCl and
NayS0, was studied isothermally at 1200°F (650°C) in static air. Two mixtures with Na,SO,
concentrations of 50 and 75% by weight were used. A layer of the salts was upplied by air-
spraying a prehceted 302°F (150°C) specimen with a saturated aqueous solution. The salt-layer
thickness of 0.5 mg/cm® was maintained throughout the tests. Sulfidation resistance of
specimens p-ciected by either a chromized or aluminized coating was also studied. The coatings
were applied *ollowing the procedures described in the PWA specifications PWA 7¢ and PWA
73, respectiveiy. Both the oxidation and sulfidation tests were interrupted periodically for weight
change measurements and visual inspections. A fresh coating of salt was applied to the
sulfidation speciimen after each measurement.

Mechanicar Tests

Three types of properties, creep, yield, and bend ductiiity, were used for screening alloys in
i the present studies. Creep and yield tests were conducted in compression using rectangular
specimens of 5 mm X 5 wmm X 13 mm (approximate dimensions). The specimens were
compressed between two alumina plattens to which extensometer fixtures were attached.
Deformation of the svecimens were measured by a linear voltage differential transformer with
output continuously recorded by s strip chart for the creep tests and by a X-Y recorder for the
yield tests. All creep tests were conducted at 1200°F (650°C) and (42.5 ksi) 293 MPa. Yield
stresses at 0.2% plastic strain were dei2rmined in compression using the same experimental set
up. As a meesure of low temperature ductility, bend tests were conducted at 68°F (20°C) using
specimend 2 mm thick, 13 mm wide, and 65 mm long.

Results .nd Discussions
Fe-Mn-Al Alloys
Workability and Aging Response

The analyzed compositions of the alloys in this study a:a given in "'able 44. Smal! castings
of these alloys weighing about 1).77 kg were hot rolled at 2102°F {1150°C) to about 60% reduction
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in thickness. Rolling was performed without difficulty, and no edge cracking was observed. A
portion of each hot-rolled alloy was solution heat treated at 2048°F (1120°C) for 1 hour, oil
quenched, and then further warm rolled at 1100°F (593°C) for a total thickress reduction of
slightly over 80%. After this operation, the majority of the alloys were uncracked, except for the
high-Ni alloy (Alloy 111) which split open after several rolling passes along the midplane parallel
to the rolling plane. The results of the rolling experiments confirm the generally good hot
workability observed in the previous studies of this class of alloys.

TABLE 44. ANALYZED COMPOSITIONS OF CAST + WROUGHT ALLOYS, WT%

_Alloy __Fe Mn Al Ni Cr Si c
103 Bal. 30.2 6.6 — - 0.89

104 Bal. 32.0 8.5 — —_ 2.24 0.87
1056 Bal. 314 6.4 — 2.10 - 0.96
106 Bal. 319 6.4 - 2.16 1.12 1.04

107 Bal. 25.7 6.4 5.8 - —_— 0.82
108 Bal. 25.8 6.4 5.8 - 1.06 0.66
109 Bal. 25.6 6.4 58 2.10 - 0.81
110 Bal. 26.0 6.6 5.8 2.10 1.04 0.74
111 Bal. 159 6.5 175 — — 0.84

7450C

Room temperature hardness measurements of the warm-rolled and hot- rolled alloys aged at
1100, 1200, 1320, and 1400°F (593, 650, 705, and 760°C) for 16 hours are shown in Figures 112,
and 113. Prior to aging, the hot-rolled alloys were given a solution treatment of 2000°F (1095°C)
for 45 minutes followed by an oil quench. Figure 112a shows that in the warm-worked condition,
the baseline alloy (alloy 103) softened during azing treaiments. Addition of 2 at.% Cr (alloy 105),
2 at.% Si (alloy 104), and 1 at.% Si + 2 at.% Cr (alloy 106) did not change the aging response.
The rapid hardness decrease in these alloys above 1200°F (650°C) will be shown to be
accompanied by recrystallization. Figure 112b shows the aging response of the hot-rolled, nickel-
free alloys after solution heat treatment. The initial hardness is about four times lower than that
of the warm-rolled alloys. Aging at temperatures around 1112°F (600°C) produced some
hardening; however, the general hardness levels of the alloys are low, around Re 16 which is
about two and one half times lower than those in the warm-rolled alloys. These observations
underscore the important role of thermomechanical history in the strewgthening of the Fe-Mn-Al
alloys.

In contrast to the nickel-free alloys, the hardness of all the warm-rolled nickel-containing
alloys shows a peak at aging temperatures between 1090 and 1200°F (590 and 650°C)
(Figure 113a). Strengthening is amplified by small additions of Si and Cr either singly or in
combination, but the highest hardness is associated with the alloy with the highest Ni content
(ailev 111). From Figure 113a, the hardness decreases much more slowly after aging at
temperatures above 1200°F (650°C) compared with the Ni-free alloys. Figure 113b shows that,
with the exception of alloy 111, the hardness of the hot-rolled alloys is very low, about Re 10, and
did not respond to aging treatments. The initial hardness of alloy 111 is about Re 20 and
increases to a peak hardness of about Rc 40 at 1200°F (650°C). As will be shown, the large
difference between the warm-rolled and the hot-rolled alloys can be explained in terms of grain
size and precipitation structure.
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' Fe-32.7Mn-6.4A1-0.95C (Alloy 103)
Fe-33.4Mn-6.6A1-0.97C-2.3Si (Alloy 104)

41— €@ Fe-32.8Mn-6.4A10.95C-2Cr (Alloy 105)
@ Fo-33.1Mn-6.5A10.97C-1.15-2.1Cr (Aloy 106)
0 | | | | |
AsSolution | 1100 1200 1300 1400
Treated (593 °C) (649 °C) (704 °C) (760 °C)
' 2000 °F
(1093 °C)

Aging Temperature - °F (°C)

FDA 318371

Figure 112. Hardness of Alloys 103 Through 106 vs Aging Temperature. Specimens Aged
for 16 Hours at the Indicated Temperatures. a. Alloys Rolled at 593°C, b.
Alloys Rolled at 1150°C
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Figure 113. Hardness of Alloys 107 Through 111 vs Aging Temperature. Specimens Aged
for 16 Hours at the Indicated Temperatures. (a) — Alloys Rolled at 593°C,
(b) — Alloys Rolled at 1050°C
Microstructure
Figures 114 and 115 show the microstructures of alloys 106 and 110 which are
representative of those observed in the Ni-free alloys and the Ni-containing alloys. Elongated
160
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grains and linear features due to precipitation on specific crystallographic planes can be observed
.in ajl alloys after rolling at 1100°F (593°C). It is evident from Figures 114 and 115 that an

 important difference between the Ni-free and the Ni-containing alloys is in the kinetics of
recovery and recrystallization. With the exception of alloy 104, all the warm-rolled Ni-free alloys
show evidence of recrystallization in the optical micrographs when aged at temperatures around
1290°F (700°C). Alloy 104, which contains 2% Si, Figure 116, and the nickel-containing alloys
show no evidence of recrystallization after aging treatments at temperatures at least up to 1400°F
(760°C). Thess differences in recovery and recrystallization kinetics between the alloys are
entirely consistent with the observed variations in hardness as a function of age temperature,
Figures 112a and 113a. Microstructures of alloys, after rolling at 2100°F (1150°C) and solution
heat treated at 2050°F (1120°C), at various temperatures are shown in Figure 117 for the Ni-free
alloys and Figure 118 for the Ni-containing alloys. The equiaxed coarse grain structure in the
heat treated alloys shows that recrystallization and grain growth had occurred in both types of
ailoys during the solution heat treatment.

A microstructural difference between the warm-rolled and the corresponding hot-rolled
alloys is in the amount of precipitate observed after aging. Comparison of Figure 114 with
Figure 119 for alloy 106 and Figure 116 with Figure 118 for alloy 110 shows a higher density of
precipitate is formed in the warm-rolled material than in the hot-rolled material. This difference
is illustrated in greater detail in Figure 119 showing the secondary electron micrographs in alloy
111 in warm-rolled and hot-rolled conditions. It is not clear at this time if these observations are
due to differences of thLe kinetics of precipitation, or to the working operation changing the
nature of the precipitates.

More detailed microstructural and compositional information has been obtained by
transmitsion electron microscopy studies which were conductzd on warm-rolled materials after
the 1200°F (650°C) 16-hour aged treatment, which produced high hardness, especially in the
Ni-bearing alloys 107 through 111. High dislocation densities were observed in ail warm-rolled
alloys, Figure 116. The major precipitate phases in all the Ni-containing alloys are morphologi-
cally similar, having an ellipsoidal shape, anc: are distributed uniformly in the matrix. Figure 120,
taken from alloy 111, illustrates the typical appearance of the major precipitates in the
Ni-containing alloys. The dimensions and density of the ellipsoidal precipitates vary somewhat,
depending on specific alloy compositions. In alloy 111, the precipitates are 100 to 200°A in
diameter and 500 to 1000°A in length. Analysis of electron diffraction patterns indicates that the
structure of the major precipitates in alloys 107 to 111 is an ordered body-centered phase with an
CsCl-type structure, having a Kurdjumov-Sach and Nishiyama-type crystallographic relation-
ship with the austenitic matrix.
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The precipitation behavior in the warm-rolled Ni-free alloys (103 through 106; is distinctly
different from that of the Ni-containing alloys described in the preceding paragraphs. In Alloys
103 through 10" the precipitates are coarser and tend to be heterogeneous, occurring in both
grain boundaries and intergranularly (Figure 116). Results of compositional studies by energy
dispersive spectroscopy (EDS) and analysis summarized in Table 45 indicated that in most cases
there are little differences betwe n matrix and precipitate chemistries. Limited analysis of the
hot-rolled alloys showed the same trend. For comparison, the alloy compositions determined by
chemical analyses are also included in Table 44. Whenever several precipitate phases have been
observed in a given alloy, the major one is indicated as Precipitate A in Table 45. By comparing
the matrix compositions with the alloy cempositions, it can be concluded that the EDS gives a
reasonably accurate measurement for elements with high concentrations of Fe and Mn. For Al, it
is obvious that the EDS results are less reliable in the absolute sense, but may still be meaningful
in a relative sense. Relative to the matrix compositions, the major precipitates in the Ni-
containing alloys are enriched in Al and the Mn content is equal to or less than that of the
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matrix. The opposite trends appear to be true for the Ni-free alloys. Further, for a given alloy, the
Al concentrations in the precipitates increase with increasing Ni contents. These observations
indicate strong affinity of Ni for Al, which may account for the differences in precipitate
morphology and distribution between the Ni-containing and the Ni-free alloy series.

e vk o W A E R A T R A A e T N B R T o i T

e x e

e m w e e e eATERA w w = = W &

(@ (@) | 200um I

FD 243623

ﬁ Figure 114. Microstructure of Alloy 106 (a) After Rolling at 593°C and After Aging for 16
Hours at (b) 593°C (c) 649°C (d) 704°C
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Figure 115. Microstructure of Alloy 110 (a) After Rolling at 593°C and After Aging for 16
Hours at (b) £33°C (c) 649°C (d) 704°C
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Figure 117. Microstructure of Alloy 110 (a) After Rolling at 1150°C. After Solution Heat
Treatment at 1120°C for 1 Hour Followed by an Oil Quench and Aged for 16
Hours at (b) 593°C (c) 649°C (d) 704°C
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Figure 118. Secon’rv Electron Micrographs Illustrating the Relative Quantity of
Precipiiates Formed in Alloy 111. (a) After 593°C Rolling (b) After 1150°C
Rolling. The Alloy Was Aged at 649°C for 16 Hours After Rolling in Both
Cases
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Figure 119. Microsiructure of Alloy 106 (a) After Rolling at 1150°C. After Solution Heat
Treatment at 1120°C for 1 Hour Followed by an Oil Quench and Aged for 16
Hours at (b) 593°C (c) 649°C (d) 704°C
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FD 318378
Transmission Electron Micrographs Illustrating the Major Precipitates in Alloy

111 After Warm Rolling and Aging Treatment at 650°C for 16 hours. (a)
Bright Field (b) Dark Field
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* Cannot be detected by EDS
** Grain boundary precipitate

|
|
|
TABLE 45. COMPOSITIONS OF MATRIX AND PRECIPITATES BY ENERGY
DISPERSIVE SPECTROSCOPY
593C ROLLED + 650C/16H AGED
Composition, Wt%
| Fe Al__Mn__Si _C_ N C
Allcy 108 623 66 302 — — — 09
Matrix 6.7 172 811 09—  — = .
GB. Ppt** 867 86 57 — —  — .
Alloy 104 584 65 320 22 — — 09
Matrix 607 44 329 20 —  — .
Ppt 620 48 817 17 — - .
Alloy 108 591 64 314 — a1l — 10
Matrix 6.7 58 310 — 25 - .
G.B. Ppte* ‘
A 478 29 40 — 83 — .
B 392 18 467 — 135 .
c 543 45 358 — 54 — .
Alloy 106 574 64 8189 11 22 — 10
Matrix 618 30 818 01 28 — .
Ppt
A 65 14 430 21 69 — .
B 570 23 361 08 88 — .
Alloy 107 613 64 267 — — 58 08
Matrix 64.8 49 269 — _ 3.4 hd
Ppt 598 61 265 — — 78 *
Alloy 108 802 64 23 11— 58 07
Matrix 6.5 59 262 17 — a1 e J
) Ppt |
: A 567 16 246 17— 9.4
B ®1 107 211 12 — _ 208
J Alloy 109 593 64 256 — 21 58 08
¢ Matrix 628 57 247 23 44
? Ppt
: A 587 68 289 — 24 78 *
B 522 26 35 66 32 *
i Alloy 110 57.7 6.6 26.0 1.1 2.1 58 0.7
" Matrix 63.9 4.8 23.7 14 25 38 .
Ppt 855 72 238 12 24 99
\
"
: Alloy 111 59.3 6.5 159 — — 175 08
Matrix 648 45 161 — — 46 *
Ppi
| ) A 62.2 49 15.7 - - 17.2 *
5 B 119 M5 133 — — 603 *
C 373 17 129 — — 42.1 .
; D 269 136 117 — — 488 *

7450C

X-ray diffraction techniques were used to determine the structure of the precipitates. Initial
attempts involved extraction of precipitates by seleciive dissolution of the matrix phase using

169

Pl |

4 7440C Y
E&ﬂ&)&kﬁkﬁ?ﬁk‘m&-&m-1%)‘.‘«@2&%?&3’«&1‘?&-&2&-; e A e D e i R P R T



L Bl D8 S h g Fol A Mo d ok 2o Bl Rod ol Lob Bof L oA Bl ol S8 faf taf o) T8 £RE 1.8 Sah Sal ol -all val ol SRl ta) “off 2l -al

various electrolytes and a bromine solution. Such efforts were unsuccessful, since the major
precipitates, which have similar chemical compositions as the matrices, Table 45, also tended to
be dissoi.c'. The digestive process yielded only chemically inert residues such as carbides, as
indicated in Table 46, but the presence of the ordered phase L1,-type structure in alloys 103 and
104 should be noted. The formation of this ordered phase will be described in detail later in a
following Section. Powder diffraction technique was used subsequently, and proved far more
successful. Filings from the hot-rolled materials were produced from machining chips and ages at
650°F (342°C) for 16 hours. The phases and structures identified by subsequent X-ray analyses
are presented in Table 47. The major precipitate in all the annealed filings from the hot-relied
alloys, with the exception of alloy 103, has been identified as an crdered bce phase with a CsC1-
type structure having lattice constants of about 2.89°A. The minor precipitate phases identified
include M,,Cq-type fcc carbide and tetragonal sigma phase. The analyzed compositions of
powder allovs are given in Table 48.

TABLE 46. STRUCTURES OF EXTRACTED PRECIP'TATES FROM 593C ROLLED
+ 660°C/16H AGED ALLOYS

Alloy X-Ray Results
103 Llg-type, a,= 3.84 to 3.90 A
104 MC-type, a,= 4.32A
Li,-type, a,= 3.87 to 3.94A
105 MysCotype, a,=: 10.58A
106 One diffraction peak, possible My3Cq

T450C

The powder diffraction data obtained from the annealed filings of the warm-rolled alloys
are, with minor variations in amount of precipitates and lattice parameters, rather similar to
those given M Table 47. The only notable exception is alloy 103 in which 5 vol percent of an
ordered pha "% ” '.-type structure (a. = 3.812A) was observed in the annealed filings of the
warm-rolled

The microstru.. servations presented above show that the physical metallurgy of the
Fe-Mn-Al-X-C alloys is quite complex. According to the Fe-Mn-Al ternary diagram given in
Figure 108, alloys 103 through 111 were expected to be essertially single-phase austenitic alloys.
This is found to be true only for alloy 103, the base composition. Remarkably, small additions of
Si, Cr, and Ni to the base composition led to the formation of moderate amounts of ordered bee

|

|

|

|

1

4

phase, which is not anticipated from the Fe-Mn-Al ternary diagram. Note that a more recent Fe- ‘
. - i
|

{
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Mn-Al ternary by Chakrabarti (7), given in Figure 121, does predict formation of the ordered bee
phase. However, as noted by this author, ordering was not detectable by X-ray diffraction until
the Al content in the alloy is above 35 at.%. Since the Al content in alloys 104 through 111 is no
more than half this amount, the observation of the ordered bec phase in these alloys can only be
explained if one assumes that small additions of Si, Cr or Ni reduce significantly the solubility of
Al in the Mn-stabilized austenite. Alternatively, the formation of tliec ordered bec phase can be
rationalized using the Fe-Ni-Al ternary, given in Tigure 122. The approximate position of alloys
104 through 111, assuming Mn behaves like Ni, is indicated by a dot which lies within the
austenite and ordered bcc phase field. The formation of the ordered phase with a L1,-type
structure in alloy 1u3 will be discussed later.
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TABLE 47. PHASES AND STRUCTURES IN ANNEA'.ED FILINGS OF HOT-
ROLLED ALLOYS 103-111*

Alloy

103 = 99 v/o fec (a, 3.656A)
=< 1 v/o fec MyCy

104 55 v/o fec (a,= 3.851A)
356-40 v/o ordered bec (a,= 2.886A)
10-5 v/o tetragonal sigma phase plus + a phase
()
=< 1 v/o SiOy as hexagonal a-quartz

106 90-95 v/o foc (a,= 3.664A)
5 v/o ordered bec (a,= 2.883A)
< 3 v/o fecc MyCq (8= 10.60A)

108 75 wjo fec (a,= 3.653A)
16-20 v/o ordered bec (a,= 2.897A)
10-5 v/o tetragonal sigma phase plus a phase (a)

107 85 v/o fec (ag= 3.642A)
13-16 v/o ordered bee (a,= 2.894A)
2 V/O fee M”CQ

A

108 80 v/o fec (a,= 3.638A)
18-25 v/o ordered bce (a,= 2.893A)
5 v/o tetragonal sigma phase + fee MjyCe

A

109 85 v/o fee (a,= 3.637A)
10 v/o ordered bee (a,= 2.683A)
5 v/o fcc MpyCqla,~ 10.56A)

oy -

110 80 v/o fee (a,= 3.8344)
13-15 v/o ordered bee (a,= 2.891A)
4-3 v/o fec MyCe
3-2 v/o tetragonal sigma phase

m 70 v/o fece (ay= 3.6123)
25-30 v/o ordered bec (ag= 2.899A)
5-3 v/o fec Mg Cyla,= 10.55A)

* Alloys were solution heat treated at 1120°C/1 hr./OQ and
aged at 650°C/16 hr. ilings annealed at 650°C/16 hr.

Phase (a): either with Mny Si;-type hexagonal structure or
Mny;The-type fec structure

7480C
. TABLE 48. ANALYZED COMPOSITIONS OF POWDER ALLOYS
Ally Fe  Mn Al c o N
97
Ingot  Bal. 234 92 194 — —
o7 Bal, 241 94 182 —  _

101 Bal. 39.8 5.1 1.81 5.0 -
102 Bal. 19.6 4.8 1.74 4.9 20.6

74480 f
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FDA 318379

Figure 121. Part of 1000°C Ternary Isothermal Section of Mn-Fe-Al Sysiem (Chakrabarti,
1977). Within the bec Phase Field, Alloys Showing CsC1-Type Superlcttice
Lines Are Indicated By Filled Circles (+), and Disordered Alloys by Open
Circles (O). The Approximate Position of the Base Alloy (103) Is Indicated hv
the (X) in the Austenite Phase Field

It may also be noted that although the precipitation of an ordered bce phase occurred in
most alloys, the hardening produced varied considerably. The rather fir.e precipitates formed in
the Ni-containing alloys caused quite high levels of hardness, but the much coarser precipitates
formed in the other alloys produced little or no hardness change.

Creep Behavior

Creep data have been obtained primarily on the cast alloys (alloys 103 through 111) in
warm-rolled and hot-rolled conditions. All tests were conducted at 1200°% (6560°C) and a stress of
42.6 ksi (293 MPa).
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Figure 122. Fe-Ni-Al Ternary System at 950°C (Bradley, 1949). The Approximate
Compositions of Alloys 107 Through 111, Assuming Mn Behaves Like Ni, Is
Indicated by the Filled Circle in the (y + B) Piwase Field. p = bec, ¥y = fee, Y
= NizAl, p' = FeAl, NiAl

The creep behavior of warm-rolled and 1200°F (650°C) uged materials is shown in
Figure 125 for alloys 103 through 106, and Figure 124 for alloys 107 through 111. For comparison,
the creep curve of H46 steei, determined under identical test conditions, was also included in the
figures. It can be observed that the creep resistance of the warm-rolled alloys is lowe: than the
; H46 steel. The alloys which show the highest hardness, alloy 104 in the Ni-free series, and alloy
111 in the Ni-containing series, exhibit the lowest creep resistance. Thin foil samples from i
selected creep specimens for TEM studies have been prepared to determine the cause for this
4 poor performance of the warm-rolled alloys.

e s e = X

Prior to creep test, the hot-rolled a'loys were given a solution heat-treatment at 1900°F
(1040°C? tor 1 hour followed by an oil quench and then aged at 1200°F (650°C) for 16 hours. The
hardness numbers of the hoi-rolled Ni-containing alloys after this heat-treatment are Rc 8, 30,
13 and 8 for alloys 107 through 110, respectively, compared with Rec 10 when the solution heat
treatment was performed at a higher temperature, 2050°F (1120°C), as in the aging studies.

The hardness of alloy 111 was not changed by the lower sulutioning temperature. Creep
curves of the hot-rolled Ni-containing alloys, given in Figure 125, show some important
differences from the warm-rolled alloys. The hot-rolled alloys show a prominani primary creep
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stage followed by a secondary stage with creep ratea comparable to H46 steel. The creep
resistance of alloy 110 appears to be close to that of H46 steel.

12—~ 1200 °F/42.5 ksi Creep
8.4
58
48
4.0

Strain - %
3.2

' 106
24
18
08
ol |
24
FOA 318381

Figure 123. Creep Behavior of Aloys 103 Through 106 in Warm-Rolled, 650°C/16 Hours
Aged Condition at 650°C and 293 MPa
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Figure 124. Creep Behavior of Alloys 107 Through 111 in Warm-Rolled, 650°C/16 Hours
Aged Condition at 650°C and 293 MPa
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Figure 125. Creep Behavior of Alloys 107 Through 111 in Hot-Rolled, Solution Heat
Treated (1038°C/1hr/0OQ) and Aged (650°C/16 Hours) Condition at 650°C and
293 MPa

Fe-Mn-Al Alioys Based on Previous investigation

Three alloys were chosen for the present studies. Alloy 140, formerly designated BA36-1 in
the 1950’s, was produced as a small casting and two of its modifications, alluys 67 and 68, were
produced as powder which was consolid .*ed using vacuum hot pressing. The analyzed
compositions of the three alloys are given in Table 49 which shows no major deviations from the
aim compositions except for the Mn content in alloy 67, which is 16% lower.

TABLE 49. ANALYZED COMPOSITIONS, WT%

Alloy Fe Mn Al c Cr Ni Si Mo Nb Ti | 4 B w

67 Bal. 27.0 7.9 0.24 - 6.1 0.49 29 0.17 - 0.27 - -

68 Bal. 325 8.0 0.19 — 6.1 0.48 2.7 0.22 016  — 0.02 -

& 140 Bal. 32.4 6.6 0.7 — 3.0 0.5 1.1 - - 0.6 0.01 0.6
7480C

. Microstructure (Alloys 67, 68 and 140)

X-ray diffraction analyses indicates that the structures of the loose powders of both alloys
67 and 68 consist primarily of ferrite with a lattice parameter of 2.91A. However, upon annealing
the powders at 1904°F (1040°C) for 2 hours, the structural changes to an approximately
equivolume mixture of becc and fcc phases with lattice parameters of 2.90A and 3.66A,
respectively. Figure 126 shows the duplex phase structure of alloys 67 and 68 consolidated by
vacuum hot pressing at 1904°F (1040°C) at 3000 psi (21 MPa) for 0.5 hour. Full density was
achieved in both alloys using this hot pressing condition.
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Figure 126. Duplex Phase Microstructures of Powder Compacts of (A) Alloy 67, and (B)

’ -.-ﬁ_

Alloy 68 Corsolidated by Vacuum Hot Pressing at 1040°C, 3 ksi for 0.5 Hour ;

8

The compositions of the bee and fcc phasee in alloy 67 were determined using an analytical :\\'."":
electron micioscope (AEM), and results are given in Table 50 together with the bulk alloy ﬁ
composition. The partitioning behavior of the alloving elements in the Fe-Mn-Al-X system AN
follows the expected trend except for Ni, which shows a higher concentration in ferrite than in :_‘Q
austenite. As a check for the accuracy of AEM results, the alloy composition was calculated from -'.t\p,
>

)
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the phase compositions, and results are presented in Table 49 which show reasonable agreementa
between the calculated and the actual alloy contents.

TABLE 50. ANALYZED PHASE COMPOSITIONS OF ALLOY 67, WT %

Fe Mn Al c Si Ni Mo Nb 14

Bulk Bal. 270 79 0.2 0.5 6.1 29 0.17 ¢3

Ferrite Bl 236 124 — -~ 83 24 — -

) Austenite Bal. 31.c 7.0 —_ - 5.2 2.1 - -_
: Buk (Calk) Bal 265 108  — —~ 71 23 -  —
0C

The third alloy, No. 140, v.as prepared to verify the reported excellent creep system results
from vhe 1950's, and to characterize the microstructure of the alloy which was not studied in any
detail in the previous work. Such characterization was considered essential for insight into design
of improved slloys. Alloy 140 cesting was hot-rolled under the same conditions as other alioys.

The X-ray results from alloy 140 are summarized in Table 51. The heat treatment No. 1,
Table 51, which was that used in the studies during the 1950’s, results in a rather inhomogeneous
grain structure consisting of recrystallized grains mixed with irregular grains containing a high
dislocations density, Figure 127. TEM studies of material in this condition revealed two types of
precipitation behavior. In fully recrystallized grains, a homogeneous and dense dispersion of very
thin, small precipitates (about 50A) are obeerved, Figure 128a. These precipitates are apparently
coherent with the austenitic matrix as evidenced by the elastic strain contrast and absence of
diffraction effects. In the partially recrystallized grains, which contain dislocation substructure,
the precipitates are equiaxed in shape with considerably larger particle size and are less dense,
Figure 128b. Preliminary electron diffraction analysis shows that the larger precipitates have a
bec structure and are enriched in refractory metals. However, confirming evidence has not heen
obtained using X-ray diffractometry as shown in Table 51. To voarsen the precipitates for easics
phase structure identification, alloy 140 was heat treated at a higher temperature (No. 2 in Table
51). Additional structures were cbeerved after this treatment including a bec phase and the
presence of a small quantity of a phase tentatively identified as a hexagonal MoC. TEM of the
material reveals, in addition to the equiaxed particles, the formation of thin plates, Figure 129,
which may correspond to the MoC phase identified by X-ray. The plates are enriched in Al and
Ni. Interestingly, the dense population of the thin, coherent precipitates could no longer be
observed after the higher temperature heat treatment.

WX Fmiw

-

TABLE 51. RESULTS OF PHASE IDENTIFICATION BY X-RAY FROM FILINGS
OF ALLOY 140 CRKa RADIATION

1. 1900°F/1h/9Q+1200°F/16h/AC _ Single phase dusordered fec (ag=
3.6596A)

2. 2060°F/1h/0Q+1300°F/100h/AC  »=95-90 v/o disordered fcc (a,~3.653A)
=5-10 v/o bee® (a,=2.393A)
=1 v/o unidentified phase, voasibly
hexagonal MoC

* Due to the weaknesa of the fundamental reflections, no atomic ordering
information was obtained

T480C

Similar changes are observed after aging at lower temperatures 1200°¥ (650°C) and 1250°F
(675°C) for long times (about 300 hours). It appears that the coherent precipitates may well be
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the precursor of the more stable equiaxed particles. As will be shown later, there is an apparent
correlation of creep resistance in alloy 140 with the presence of the coherent precipitate.

1200um|

FD 318384

Figure 127. Microstructure of Alloy 140 After Heat Treatments of 1040°C/1h/0Q and
650°C/16h/AC. Note the Inhomogeneous Grain Structure in This Material
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Figure 128. Detailed Microstructures of Alloy 140 With Heat Treatments Describe:' :n the
Preceding Figure Illustrating (a) Densely Populated Fine Coherent Precipitate
in Recrystallized Grains (b) Coarser Particles in Grains Undergoing Recovery
and Recrystallization
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Figure 129. Microstructure of Alloy 140 After Aging at 705°C for 75 Hours Illustrating the
Presence of a New Phase, A. With a Plate Morphology and Equiaxed
Particles, B. The Latter Are Present Alw at a Lower Aging Temperaiure. The
Fne Coherent Precipitate Which Forms at a Lower Aging Temperature Can
No Longer be Obeerved (Se¢ Figure 128)

Creep Behavior

Compressive creep tests on alloys 67 and 68 were performed at 1200°F (650°C) and a stress
of 425 ksi (293 MPa). The minimum creep rates of these alloys are 2.57 X 10%h"! and 3.82 X
10"2h’}, respectively which are considerably higher than those observed in some of the Fe-Mn-Al
alloys studied in a previous P&W program. The factors which contribute to the poor creep
resistance in theso two powder alloys were considered to be the fine grain structure, and the
presence of a substantial amount of bec phase. Based on the creep results, further study of these
two alloys will not be continued.

The microstructural studies on alloy 140 indicated formation of at least three different
precipitate phases in this alloy after different heat treatments. To determine the effecta of these
phases on the creep behavior of alloy 140, creep testing was conducted on a series of specimens
which had been given aging treatments of 1200°F (650°C) tor 16 hours, 1250°F (675°C) for 290
hours and 1300°F (705°C) for 100 hours, respectively. Results, given in Figure 130, show the
highest creep resistance to be associated with the formation of the coherent precipitate in the
1200°F (650°C)/16 hours aging treatment. The creep resistance decreases drastically whei. 'he
coherent precipitates are replaced by the thin plate phase after prolonged aging/exposurv at
1200°F (660°C) and above.
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; Fgure 130. Creep Behavior of Alloy 140 at 656°C and 293 MPa After Various Aging Heat
' Treatments Indicated. Solution Heat Treatment 1040°C/1h/0OQ
A

Fe-Mn-Al-C ANoys — First Series

; The analyzed compositions of alloys 97, 101, and 102 are given in Table 52. All three alloy
compositions have been predicted by recent Japanese work (Reference 3) to result in a single
phase with an ordered fcc L1,-type structure under rapid solidification conditions, as previously
shown in Figure 109. Alloy 97 was produced using the RSR powder process, and alloys 101 and
102 were vacuum atomized at Homogeneous Metals, Inc. (HMI).

TABLE 52. ANALYZED COMPOSITIONS OF POWDER ALLOYS

Alloy Fe Mn Al c Cr Ni Si Mo Nb n |4 B
97

Ingot 23.4 9.2 194 - — — - - - _ —

97 241 9.4 1.92 - - — - — - —_ —

101 39.8 5.1 1.81 5.0 - - - — — - _

EEEE

102 19.6 4.8 1.74 49 20.6 — — — — — —

Microstructure of Alloy 97

Alloy 97 was studied in ingot forin, as-received powder, and consolidated powder. The ingot
microstructure was characterized to provide structural information on the material after a slow
solidification sequence. In this case, a sample was taken from the core regior of the ingot
subsequently remeited to make powder.
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An optical micrograph of an alloy 27 ingot sample, Figure 131, shows coarse grains within
which a very fine “basket weave” microstructure can be observed. The details of the ingot
microstructure, illustrated by the transmission electron micrograph in Figure 132, shows a
somewhat irregular rcctangular blocky phase distribution similar to that observed by the
Japanese workers in the material rapidly quenched from the melt. Further, the rectangular
pattern is oriented in <100> directions, a feature also reported by tho Japanese workers. The
origin of the rectangular pattern will be discussed later. Electron diffraction patterns with sone
axes of [001], [110], [211], and [301] are given in Figure 133. Indexing of these patterns is
consistent with the phase being an ordered fcc with L1,-type structure. Definitive evidence of
ordering in the Alloy 97 ingot sample was also obtained from X-ray powder diffraction data on
filings (annealed at 1900°F (1040°C) for 4 hours in a vacuum). The X-ray data in Table 53 show
the presence of two fcc phases with lattice parameters of 3.672°A and 3.781°A. The phase with
the larger lattice constant is ordered and constitutes 30 to 40 volume percent in the ingot sample.

204

FO 318388
Figure 131. Grain Structure in Alloy 97 Ingot

The presence of the ordered phase in the ingot samples was a major surprise as Inone ot al.,
had described the ordered Ll,-type phase as a nonequilibrium phase with its occurrence
restricted to conditions of rapid solidification. It seems clear from the present, work that the L1,-
type phase also occurs as an equilibrium phase, which has important implications for the
stability of these alloys and their creep resistance. Since neither Fe nor Mn forms an L1,-type
compound with Al, it is Jogical to assume that the observed L1,-type phase in alloy 97 is a ternary
compound involving carbon. A teinary compound, which bears a close relationship to the ordered
pkases of the L1,-type, is characterized by the general formula TyBC,(x = 0.3 to 1). About 40 of
these compounds have been identified by Stadelmaier (Reference 13). Compounds of present
interest consist of Fe, Mn, and Ni as the T (transition) elements, and Al as the B element. An
ideal structure of the ternary compound in which x = 1 is shown in Figure 134. In this ideal
(perovskite) structure, the Al atoms occupy the unit cell corners, the transition element atoms
occupy the face centers, and the C atoms occupy the octahedrai positions in the centers of the
cells. One of the ternery compounds which exhibits the ideal structure is MnyAlC.
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Figure 132. Transmission Electron Micrograph of Alloy 97 Ingot Showing the Ordered fec
Phase. The White Rectangular Pattern Was Believed To Be the Boundaries of
Ordered Domairs (Ref. 3)

The phese fields of the ternary compounds of present interest have been summarized from
the work of Stadelmaier by Rosen and Sprange (Reference 14), and are given in Figure 135 which
may have an important implication on the stability of mixed transitiorn element ternary
compounds. If one can assume continuous phase fields for such compounds, then replacing Fe
with Mn requires a decrease of Al and an increase of C, whe1~a3 replacing Fe with Ni requires an
increase of Al and a decrease in C for stability.

The formation of the ordered L1,-type phase as an equilibrium phase can be expecied from
the Fe-Al-C ternary, shown in Figure 136. The position of a ternary alloy, which has the same Al
and C contente as alloy 97, is indicated by point 1 in Figure 136 in the three-phase field
consisting of ferrite (a), austenite (y) and perovskite (€). If the substitution of Fe by Mn can be
assumed to have a similar effect as increasing the carbon content with the resulting vlimination
of the ferrite phase, the formation of phases with the disordered .cc and L1,-type structure in
alloy 87 can be understood. Similarly, th2 observation in alloy 103, indicated by point 2 in Figure
136, of the L1,-type ordered phase in the austenitic matrix can be rationalized on the same basis.
These observations obviously have important implications for formulating Fe-Mn-Al austeni:ic
alloys containing L.1,-type precipitate.

5
g

Turning now to the :haracterization of the materials in the powder form, an optical
micrograph of alloy 87 I\ sR powder in the as-received condition, Figure 137a, shows the usual
dendritic structure. X-ray diffraction analysis of the powder indicatec a single austenitic phase
with lattice constant of 3.708°A. Transmission electron micrographs obtained from the powder
particle, Figure 137b, reveal a single phase with no discernible rectangular pattern observed in
the relatively slowly solidified ingot material. The structure of the powder particles was
determined by electron diffraction to be a weakly ordered fcc with L1,-type lattice. }ote that the
linear features in Figure 137b are probably slip bands resulting from deformation of the powder
particles during the thin foil preparation process.
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Figure 133. Selected Area Diffraction Patterns of Alloy 97 Ingot With Zone Axes (a)
[001], (b) [011], (c) [112], and (d) [013]

TABLE 53. X-RAY DIFFRACTION DATA OF ALLOY 97 INGOT SAMPLE

ANNEALED AT 1040°C

FOR 4 HOURS
d Spacing a

nm (hkl) nm yr* Structure
0.3778 100 0.3778 0.121 Ordered fcc
0.2675 110 0.3783 c.021 Ordered fcc
0.2183 11 0.3'/81 1.000 Ordered fcc
0.2120 m 0.3672 1.000 fec
0.1891 200 0.3782 0.395 Ordered fcc
0.1835 200 0.3670 0.284 fec
0.1681 210 0.3781 0.026 Ordered fcc
0.1337 220 0.3782 0.316 Ordered fcc
0.1297 220 0.3668 0.209 fee

* Intenaities are based on peak heights not on

integrated intensities.
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Figure 134. Unit Cell of T5BC
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Figure 135. Phase Fields of Some Ternary T3AIC, Compounds

Alloy 97 powder was consolidated by hot isostatic pressing at 1900°F (1040°C) and 15 ksi
| (100 MPs). The powder compact appeared metallographically to be fully dense. However, cracks
| were observed in the powder compact in the as-consolidated condition. The origin of cracks was
; considered to be due to the poor inter-particulate bonding. Similar situaticr.s have been observed
' in other iron-aluminide studies (Reference 15), and were rectified by consoiidating the powder by
! extrusion. The optical micrograph, Figure 138, shows the fine-grained structure in the powder
| compact. Phase structures of the compacted material, determined by X-ray analysis, consist of
|
|
}

about 70 volume % austenite with a lattice parameter of 3.678°A and the remainder an ordered
L1,-type phase with a lattice parameter of 3.764°A. These results are virtually identical with
those determined from the ingot sample. The distribution of the phases was studied by TEM
techniques and the results, illustrated in Figure 139a, show an elongated phase in a matrix
consisting of very fine rectangualr patterns. The structure of the elongated phase was determined
to be a L1,-type phase by selected area diffraction technique. Detailed examination of the matrix,
‘ shown in Figure 139b, revealed a modulating phase structure with a wavelength of about 360°A.
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The L1,-type diffraction patterns were also obtained from the matrix, indicating the presence of
either isomorphous-ordered fcc phases or cohcrent-ordered and disordered fcc phases in a
modulated structure. However, only the latter is consistent with the X-ray data. The composition
of the elongated phase determined by EDS analysis is 50.6Fe, 28.2Mn, and 21.2Al in at.%, which
is close to the stoichiometric composition (Fe, Mn);Al; carbon is not detectable by the EDS
technique used. The elonj:ated phase is, therefore, considered a perovskite carbide.
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Figure 136. Isothermal Section Through the Fe-Al-C Phase Diagram at 1000°C. After
Morral, 1934***. The Positions of Alloys Which Have the Same Al and C
Contents as Alloys 97 and 103 Are Indicated by the Filled Circles 1 and 2,
Respectively. a Ferrite, ¥ Austenite, € = Perouskite

The Japanese workers explained the formation of the modulating structure in terms of
ordered domain boundaries. In view of the observations made in the present studies, a different
explanation is offered. It is proposed that the modulating structure was produced by spinodal
decomposition of an initially homogeneous solid solution into ordered and disordered fcc phases.
An approximation to the homogeneous solid solution has, in fact, been observed in the RSR
powder particles, shown in Figure 137b. Since spinodal decomposition cannot be completely
suppressed, irrespective of the quenching rate, clusters of ordered regions must have been present .
in the RSR powder particles resulting in the very weak superlattice reflections observed in the
eleciron diffraction patterns. Heat treatment of a spinodal alloy akove the spinodal temperature
results in classical nucleation and growth of the precipitate phase. This apparently occurred in
alloy 97 during consolidation at 1900°F (1040°C) resulting in formation of the elongated
perovskite carbide, Figure 139a. Spinodal decomposition occurred subsequently during cooling of
the powder compact and resulted in the modulated phase structure. Oth¢: microstructural
features observed in alloy 87 favoring the spinodal origin of the modulated structure include
similarity in structures of the matrix and precipitate phases and the <<001> directions of the
modulation which is an elastically soft direction in fcc structure.

h
«
o
0.
.

y)
Ca
o

.

***F. R. Morral: Iron and Steel Inst. J., 1934, Vol. 130, p. 413.
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Figure 137. Microstructure of Alloy 97 RSR Powder (a) Optical Micrograph Showing the
Usual Dendritic Structure, (b) Transmission Electron Micrograph Ilustrating
That the RSR Powder Particle Is Essentially a Single Phase Solid Solution
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Figure 138. Microstructures of (a) Alloy 97 (b) Alloy 101 and (c) Alloy 102 After Hot Isostatic Consolidation at 1040°C and 100 MFa.
Cracks Are Present in All the Powder Compacts in the As-Consolidated Condition
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Microstructure of Alloys 101 and 102

The microstructure of the powder alloys 101 and 102 after HIP at 1900°F (1040°C) for three
hours is shown in Figures 138b and 138c. As in the case of alloy 97, cracks have also been
observed in these alloys in the as-consolidated conditions. The interparticulate nature of the
crack can be clearly obse~ved in alloy 101. The structural data, obtained by X-ray analysis, are
summarized in Table 54. Note that both alloys have nominally the same compositions; the only
difference is that half of the Mn is substituted by Ni in alloy 102. The effect of Ni in promoting
formation of the ordered bec phase with a CsCl-type structure is evident by comparing the phase
structures of the as-received powder and the compacted pcwder between these two alloys. The
structure of the as-received powder in alloy 101 is a single-phase aurtenite while an ordered bec
phase was present in small quantities in the as-received powder and in nuch larger amounts in
the consolidated powder of alloy 102. The MyyC,y-type carbide was the only precipitate observed
in the consolidated powder of alloy 101.

TABLE 54. STRUCTURAL DATA OF ALLOYS 101 AND 102 OBTAINED BY X-RAY
DIFFRACTION ANALYSIS

Alloy Form Structure and Phase
101 -325 Mosh Powder Single phase austenite, a,~ 3.695A;
Fe-40Mn-5Al no evidence of orderi:.g
-5Cr-2C

Consolidated Powder* ~ 90-95 v/o austenite, a,~ 3.674A.
=~ 10-5 v/o fecc MyC,.

102 -325 Mesh Powder ~ 93-97 v/o austenite, a,~ 3.661A;
Fe-19.7Mn-21.1Ni no evideace of ordering.
-4.9A1-4.9Cr-2C

s~ 7-3 vio bee.

Consolidated Powder* a 80-85 v/o austenite, a,~ 3.624A
= 15-10 v/o bee, ag= 92 2.892A

_ =< 5 v/o possible Cr,Cy(hexagonal)
* Hot isostatic pressing at 1040°C under 200 MPa for 3 hours.

T480C

The above microstructural observations indicate that an ordered bcc phase with B2
structure and/or My;Cg, Cr,C;-type carbides were formed in preference to the perovskite phase
when Cr and Ni were added to the Lase composition (alloy 97), a teend consistent with that of the
cast and wrought Fe-Mn-Al alloys described in the microstructure subsection. As previously
discussed in the Fe-Mn-Al alloy creep behavior subsection, the ordered bee precipitate resulted in
low creep resistance. Thus, alloys 101 and 102 would not he studied further.

Creep

The cracking problems in the powder compacts of alloys 97, 101, and 102 precluded the
evaluation of these alloys in powder form. Alloy 97 was therefore tested in ingot form in the as-
cast condition and after a heat treatment for 4 hours at 1900°F (1040°C), which is a thermal cycle
used for powder consolidation. The creep tests were conducted at 1200°F (650°C") and a stress of
42.5 ksi (290 MPa). The creep behavior of the alloy in these two conditions was devermined to be
practically the same. Creep curve for the as-cast material, shown in Figure 140, shows that the
creep resistance of alloy 97 is considerably better than H46 steel. The good creep resistance of
alloy 97 was attributed to the formation of uniform fine-scale coherent perovskite precipitate.

...... w _m_ e = . e e - m e &

et

T

R e e e e S " BN B 2 ad,

L JTEEER TE K NS e MUY "L LT L

L L O e o N LN
m’f:‘?‘?ﬁ% :F.ﬁ\:\l‘?@:‘lt:‘:fﬂ;ﬂ. Koa sl s .L\‘;"Jf Y e e A o o e it A R 2 X e s AN e e A e e a e e e e et



1200°F/42.5 ksi Creep

14—

10—
Strain - % 08—

08—

0.4 Aloy 97 As Cast

0.2

| l 1 | J

0 4 8 12 16 20 24 28

FDA 318397

Figure 140. Creep Behavior of Alloy 97 in As-Cast Condition at 650°C and 290 MPa

Fe-#in-AlC ANoys — Second Series

Interest to further develop the austinite-perovskite alloys stemmed from several key
observations derived primarily from alloy 97.

* A ternary compound (FeMn),AIC, with the perovskite (Ca1i0,) structure
can be produced in the austenitic matrix of Fe-Mn-Al-C alloys under
equilibrium conditions. The perovskite carbide is an ordered fcc compound
structurally similar to the gamma prin:: phese in Ni-base superalloys.
Because of these similarities, it was anticipated tnat the ausvenite-perovskite
alloys would also possess the desirable characteristics of the superalloys. In
fact, the austenite-perovskite alloy studied (No. 97) exhibited the highest
creep resistance of all the Fe-Mn-Al-C-X alloys tested during the first year
of this program.

» The precipitation behavior of the perovskite carbide in alloy 97 exhibited
several features characteristic of spinodal decomposition, including a
modulated structure with phase aligned along <001> directions. Spinodal
alloys can result in fine-scale coherent precipitates with considerable
stability to coarsening.

The scope for foxmulation of a second alloy series was found to be constrained by the
observation that an ordered bce phase with FeAl-type structure was formed in preference to the
perovskite carbide when Cr, Si, Ni were added (2-5 wt%) to the base composition. The ordered
bee compound resulted in lower creep resistance. These alloying additions also resulted in the
formation of M,;Cq-type carbides. To circumvent the stabilization of ferrite rnd MC-type
carbide, additions of elements such as Ti, V, Mo, etc., were, in general, excluded from the present
alloy series. This consideration severely limited the choice of alloying elements. Thus, the
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primary goal of the alloy series, Table 55. evaluated in the second year of the program was to
optimize the base composition with sespect to the Mn and Al contents, using creep resistance as
the major criterion.

TABLE 56. AUSTENITE — PEROVSKITE ALLOYS NOMINAL COMPOSITION

(Wt%)
Alloy Fe Mn Al C Other Comncent
97 Bal. 23.1 9.1 2.0 — Base compnaition
141 Bal. 18.0 9.0 20 5% Co Co substituted for Mn to reduce
perovakits lattice parameter.
135 Bal. 0.0 75 20 -
142 Bal. 13.0 90 20 - Mn content incresses
154 Bal. 30.0 9.0 20 — systematically.
143 Bal. 40.0 9.0 20 -
144 Bal. 23.0 80 20 - Low Al content
146 Bal. 200 105 8.0 - High Al and C content.
1556 Bal. 30.0 9.0 2.0 1% Mo, Alloy 154 + Mo and W

0.5%W

In alloys 145, 142, 164, and 143 the Mn content was systematically increased from 0% to a
maximum of 40 wt%. In Alloy 146 the Al content was increased to 10.5 wt%, and to offset the
ferrite forming tendency of Al, the C content was simultaneously increased to 3.0 wt%. To
centrol the number of compoeitional variables in other alloys, the carbon content wac kept
constant at 2 wt%. This carbon level woald theoretically produce a maximum of 36% perovskite
cathide assuming all the carbon atcms reside in the carbide phase.

Cobalt was added (alloy 141) as it could be beneficial in promoting coherency between the
peravskite structure and the sustenite matrix by changing the lattice parameter. Substitution of
Fe or Mn chould reduce the parameter of the order+d phase and, therefore, result in better lattice
registry with the matrix.

The analyzed compositions of the alloys in this series are given in Table 56, which show
that most of the values are close to the aim chemistries. However, re'atively large deviations can
be observed for several alloy: in tlie av tenite-perovskite series. Alloys 141 and 145 are about
C.5% Al deficient, and alloys 97 and 154. 0.6%C dJeficient relstive to aim.. The most serious
devialions can be noted :a alloy 143. These deviations will again bhe noted in subhsequent sections.

TABY.E 56. ANALYZED COMPOSITIGNS OF ALY OYS Wt%
Austenite-Perovskite Series

Alloy Fe Mn Al C Other
Eh Ral. "6 9.2 1.35 —
41 Bu). 16.2 3.4 1.93 5.2 Co
140 Bal. 70 2.1%

142 Lal. 13.2 €8 2.08
154 Bal. 209 9.1 145
143 Bal. 19.8 113 3.10
144 Bal. 226 7.7 2.04
14$ Bal. 19.4 10.2 3.00
156 Bal. 30.0 9.2 2.04

5
3 S
[=]

g

Workability

With the exception of alloys 143 and 155, all the alloys in the austenite-perovskite series
were successfully rolled to 60% reduction at 2100°F (1150°C). Alloy 143 appeared to be extremely
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rolling. The basic causes for the poor workability of alloys 143 and 135 are unknown but the
compositional factors can be observed from Table 55. By comparing alloy 143 with alloy 146, end
alloy 183 with alloy 154 and with alloy 142, it is seen that the brittlenves in alloy 143 can be
attributed to an increase of Al content from 10.2 to 11.3%. In the case of sllcy 155 the poor
workability was probably attributable jointly to the high Al and C content and the refractory
metal additions.

i brittle &a tho ingot cracked during removal from the mold and again during heating prior to

Microstructure

» Because of its interesting microstructural characteristics and good creep resistance, the
alloys in this series, Tables 55 and 58, were studied in more detail than alloya in otlier series.
X-ray diffraction analyses revealed that, with the exception of alloy 145, the phases present in
alloys of this series were predominantly austenite and perovakite carbide. The phaves present in
alloy 145 were determined to be ferrite and perovakite carbide. The formation of ferrite may not
be unexpected in the absence of Mn, although the Fe-Al-C ternary phase diagram places this
alloy composition within the austenite plus percvakite phase field at 1830°F (1000°C). This
obeervation clsarly shows that the equilibrium phases present in Fe-Mn-Al-C alloys include
austenite, ferrite and perovskite catbide. Increasing the Mn content and/or higher temperatures
favor formation of austenite over ferrite. Bacause of the poor creep resistunce associated with
formation of hcc structures, intereat for high temperature applications centers on alloys
containing higher Mn levels, typically over 20%.

Although the phase atructures of alloys in this ssries, with the exception of alloy 145 noted
previously, are similar, the morphology and distributicn of the perovskite carbides are rather
different depending on the Mn content. The microstructures of high Mn alloye are typified by
alloys 97, 154, and 155, and those for the low Mn alloys by alloy 142. In the following paragraphs
the microstructures of these alloys will be described in detail.

Lt i i RS A

Alloy 97, the baseline composition, was analysed carefully with the objectives of elucidating
the precipitation mechanism and optimizing heat treatment with respect to creep resistance.
Figure 141 shows transmitsion electron micrograplis of alloy 97 after a solution treatment of
2100°F (1150°C) for 5 minutes followed by quenching in oil. The alloy appears to be a single
phease in the bright field micrograph, Figure 141a, but does exh:bit superlattice reflections, Figure
141c, from an Ll,-type lattice. Dark field imaging with a superlattice reflection (Figure 141b)
clearly shows the presence of very fine ordered particles. Similar microatructural features were
observed when alloy 97 was quenched from 1900°F (1040°C). Theee observations indicate that
precipitation occurred during the quench, and at temperatures pelow 1900°F (1040°C). After
solution and isothermal aging treatments at 1200°F (650°C) and 1400°F (760°C), a prominent
microstructural featurs of alloy 97, shown in Figure 142, is a discontinuous phase reaction
occurring preferentially at grain boundary regions. The cellular colonies are shown in greater
detail in Figure 142c. Microelectron diffraction anslysis revealed that the structures of the
constituent phases; Figure 143, comprising the colonies are disordered bec (ferrite) and L1,-type
(perovskite carbide). The precipitate within the grains in iso{.sermaliy-aged materials are 1
distributed homogeneously, and are crystallographically aligned, producing various tweed
patterns shown by the secondary electron micrographs in Figure 144. Considerably more
coarsening of the precipitate occurred at 1400°F (760°C), Figure 144b, than at 1260°F (650°C),
Figure 144a. The morpkology of the precipitate particles in the 1200°F (650°C) aged material, }
shown by the seondary electron micrograph and the dark field transmission electron micrograph ‘
in Figures 145a and 145b, respectiveiy, appear to be rectangular and tend to coalesce
preferentially elong certain crystallographic directions which have been determined to be
<001>. Electrun diffraction analysis showed that the particies are the perovskite carbide phase
which precipitatad coherently in the austenitic matrix. The cause for the poor contrast in
Figure 140b is considered to be the coherency strain resulting from a large lattice mismatch
hetween the austenits and the perovskite carbide phases (about 3%).
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Figure 141. Electron Micrographs of Alloys 97 After a Solution Treatment at 1150°C
(2100°F) for 5 Minutes Followed by Quenching in Oil. (a) Bright Field -~
(b) Dark Field Using a Superlattice Reflection (c) Selected Area Diffraction o
Pattern, <001> Zone Axis
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Figure 142. Optical Micrographs of Alloy 97 After a Solution Treatment at 1150°C
(2100°F) for 5 Minutes Followed by Quenching in Oil and Aging at (a) 650°C
for 24 Hours (b) 760°C for 8 Hours (c) Ilustrates the Grain Boundary
Microstructure Resulting from Heat Treatments in (a) and (b)
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Figure 148. Electron Micrograph of the Lamellar Structure ot Grain Boundary Regions in
Alloy 97. The Dark and Light Phases Were Identified, Using Microelectron
Diffraction Techniques, as Perovshite Carbide and Ferrite, Respectively
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Figure 144. Secondary Electron Micrographs of Alloy 97 Illustrating ihe Modulated Phase
Structures Resulting from Isothermal Aging Treatments at (a) 650°C for 24 ‘
Hours (b) 760°C for 8 Hours
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Figure 145. Micrographs of Alloy 97 After the 650°C/24 Hour Aging Treatment lllustrating
the Modulated Phase Structure in Greater Detail (a) Secondary Electron
Image Showing Square and Rectangular Cross Sections of the Perovskite %
Particles (b) Dark Field Tronsmission Electron Micrography Imaged With a "t
Superlattice Reflection. The Perovskite Carbide Particles Are Aligred Along o
<001> Di" :tions ;,:?_:
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The microstructural features and precipitation behavior described above and the structural
similarity of the austenite and perovskite phases strongly suggest that the precipitation in
alloy 97 is by spinodal decomposition. Further supporting evidence was reported most recently by
Korean workers (Reference 16) who studied, using X-ray diffraction techniques, early stages of
precipitation in Fe-Mn-Al-C alloys similar in composition to alloy 87. A sidebanding
phenomenon characteristic of initial phase separation in spinodal systems was reported by these
workers. It is therefore considered established ti it alloy 97 precipitates by a spinodal
decomposition mechanism. From the limited heat treatment studies performed, the spinodal
temperature of alloy 97 is estimated to be about 1850‘F (1010°C).

The observation of discontinuous phase coarsening reaction in spinodal systems is not new.
It has been reported in systems such as Cu-Ni-Fe (Reference 17) and Cu-Ni-Sn (Reference 18).
The formation of a different phase mixture by the cellular transformation is not so common.
However, the discontinuous precipitation behavior in spinodal systems appears to have a
common origin, initially involving a loss of coherency with the matrix because of a large
difference in lattice mismatch and/or composition. It is considered that controlling the
wavelength of the phase separation will be important in achieving a large difference in
composition without a loss of coherency and possibly suppressing the grain boundary reaction
(Reference 17). DeFontain (Reference 19) and Ditchek (Reference 20) have developed a criterion
for the loss of coherency in modulated structures. It requires that as the misfit between two
adjacent phasc. increases, the spinodal wavelength necessary to maintain coherency decreases.
Thus, it is predicted that short wavelengths allow the two phases to be coherent with a large
difference in composition. To achieve this deziiad condition, one obvious method is simply to age
the solution treated spinodal material at a low temparature for a long period of time. This
meihod is usually impractical because an excessively long aging time is involved. As an
alternative, a step- aging heat treatment was proposed hy Kubarych et al. (Reference 17) which
involves initially aging at a relatively high temperature for a short time sufficient for phaae
separation to be complete without coarsening of the spinodal microstructure. This aging
procedure is repeated for successively lower temperatures. The proper aging time for each
selected temperature in the aging sequence is determined, in separate experiments, by noting the
age hardening response of the spinodal material. The step-aging treatment {akes advantage of
the fast diffusivities at high temperatures and drastically reduces the time to achieve a given
phase separation compared with isothermal aging at a low temperature. A variation of the step-
aging treatment, which is simrpler in practice, is continuous cooling in a furnace with a reduced
power level.
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Based on the above considerations, alloy 97 was given a slow cool heat treatment consisting
of a solution treatment at 1900°F (1040°C) for 10 minutes followed by cooling in the furnace to
1500°F (815°C) at an average rate of about 2.5°C per minute and air cooling from 1500°F (815°C)
to room temperaure. Tke furnace-cooled microstructure of alloy 97, illustrated by optical
micrograph in Figure 146, appears to be a single-phase material because the modulated structure
was too fine to be resclved. Such structures will be shown in detail later in derivative alloys 154
and 155. An important difference ia the absence of discontinuous phase reaction in the furnace
cooled material in strong contrast to the isothermally aged material (Figure 142). Although
cellular microstructure was not present in alloy 97 after the furnace cool heat treatment, creep
testing of the treated material at 1200°F (650°C) resulted in gradual formation of this
microstructure, shown in Figure 147, during the tsst and led to deterioration of creep resistance.
It was clear that heat treatment alone could not stabilize the spinodal microstructure in alloy 97
against the grain boundary cellular reaction. Since the grain boundary heterogeneity in alloy 97
involves an austenite-to-ferrite transformation, the creation of a more stable austenite could be
considered beneficial. This was the reason for the selection of alloys 154 and 155 which contain a
higher Mn content. Figure 148 shows the micrustructures of alloy 154 after a solution treatment
at 1900°F (1040°C) and after the furnace cool heat treatment. In the solution heat treated
condition, the microstructure, Figure 148a, appears to be a single phase. Precipitation and
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coarsening of particles at grain boundaries and within the grains are evident after the furnace
cool heat treatment, Figure 148b. These particles, identified as perovskite carbide by electron
diffraction, are shown in greater detail in the secondary electron image given in Figure 148¢. The
matrix of the furnace cool material consists of a very fine medulated austenite-perovskite
structure illustrated by transmission electron micrograph shown in Figure 149a. Some coarsening
of the modulated structure occurred heterogeneously during the furnace cooling and resulted in
patches of <<100> aligned arrays of cuboidal particles, Figure 149. To datermine the stability of
this higher Mn alloy against the grain boundary cellular reaction, the furnace cooled material
was exposed at 650°C for 100 hours. The microstructure, illustrated in Figure 146, shows an
apparent discontinuous precipitation reaction at grain boundary regions which is in fact
coarsening of perovskite carbide particles. The blocky perovskite particles at grain boundaries
and patches of coarsened modulated structure within the grains are shown in detail in
Figure 150c. As will be shown later, the improved phase stability in alloy 154 leads to higher
creep resistance.

FD 318403

Figure 146. Optical Micrograph of Alloy 97 After a Furnace-Cool Heat Treatment from
1040°C to 815°C at an Average Rate of 2.5°C per Minute

Alloy 155 has similar Mn content as alloy 154 but contains, in adaition, small amounts of
Mo and W. It was observed that the small refractory metal additions produced a significant
increase in the spinodal temperature. This is evident from the microstructure of this alloy after
the similar solution treatment as that for alloys 97 and 154. Instead of a single phase
microstructure, a “basket weave” precipitate pattern shown in Figure 151a was observed
probably as a result of coarsening of preexisting spinodal structure during the solution treatment.
Solution treatment at 2000°F (1095°C), followed by oil quenching, showed a single phase
structure Figure 151b. From the limited heat treatment studies conducted on this &lioy, the
spinodal temperature is estimated to be about 1950°F (1060°C), 125°F (50°C) higher than
alloys 97 and 154. Consequently a higher solution temperature 2000°}" (1095°C) was used for
alloy 155, and the material was furnace cooled from this temperature to about 1500°F (815°C). .
The furnace-cooled microstructure is shown in ¥igures 152 ard 153. A prominent “basket weave” K
microstructure is again observed which must have developed by coarsening of the spinodal ,
structure during the furnace cooling. The various stages of coarsening of the modulated structure
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and coalescence of the coersened particles to form <001> aligned arrays are shown in ¢
Figure 153. The rapid coarsening of the modulated struciure in alloy 155 compared with alloy 97 !
and 154 18 simply due to the higher temperatures, thus, faster diffusivities, involved during the \
furnace cooling. The alaount of intragranular coarsening can be reduced, if deeined desirzble, by :
2 .
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furnace cooling at a tomperature lower than that for the solution treatment. The higher spinodal
temperature in alloy 155 results in improved stability of the modulated structure at low
temperatures and elimination of the cellular reaction. As will be shown, alloy 156 has ths best
creep resistance of all Fe-Mn-Al alloys tested.

FD 318404

Figure 147. Optical Micrographs of Alloy 87 After the Furnace-Cool Treatment Described
in the Preceding Figure with Additional Exposure at 650°C for 50 Hours.
Note the Presence of Lamellar Colonies at Grain Boundary Regions Which
Were Produced During the 650°C Exposure
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Figure 148. Microstructures of Alloy 154 After Solution Treatment of 1040°C/1h/0Q
(a), Reheated to 1040°C and Furnace Cooled to 815°C at an Average Rate of
2.5C per Minute (b) (c) Detailed Microstructure Resulting from Heat
Treatment (b) Illustrating the Blocky Perouvskite Carbide at Grain Boundary
Regions and Coarsening of the Modulated Structure in Certain Regions Within
the Grains
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Figure 149. Transmission Electron Micrographs of Alloy 154 After the Furnace Cool-Heat
Treatment Described in the Preceding Figure Illustrating (a) the Very Fine
Modulated Structurz Produced in the Grains (b) Coarsened Modulated
i Structure in Certain Regions of the Grains Shown in the Preceding Figure
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FD 318407

Figure 150. Mlicrostructure cf the Furnace-Cooled Alloy 154 After Additional Exzposure at
650°C fcr 100 Hours. The Apparent Discontinuous Precipitation at Grain
Boundary Regions Shown in (a) and (b) Is in Fact Coarsening of Perovskite
Carbide Particles. (c) Illustrates the Blocky Perouskite Carbide at Grain
Boundaries and Eaxtensive Coarsening of the Modulated Structure
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Figure 151. Microstructure: of Alloy 155 After (a) “Solution” Treatment of 1040°C/1h/0Q
(b) Solution Treatment of 1095°C/1h/0Q
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Figure 152. Microstructure of Aloy 155 After Heat Treatment at 1095°C for 1 Houwr
Followed by Cooling to 815°C at an Average Rate of About 2.5°C Per Minute.

Note the Rapid Coarsening of the Modulated Structure During the Slow
Cooling from 1095°C
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Figure 153. Transmission Electron Micrograph Ilustrating the Modulated Structure in
Alloy 155 After the Stow-Cool Heat Treatment Described in the Preceding

Figure

At the other end of the microstructural spectrum in the custenite-perovakite series is the
highly uniform microduplex structure exhibited by alloy 142 after the furnace cool heat
treatment (Figure 154). The perovskite particles have an equiaxed shape and are located
preferentially at the austenite gzain boundaries. The particle/grain diameter is about 10 microns.
The reasons for the formation of a microduplex structure in alloy 142 are not completely clea:.
Similar microstructure has been observed in a Cu-Ni-Fe spinodal material which was rolled and
annealed, in which the formation of the microduplex structure was atiributed to: (1) coarsening
and coagulation of Ni-rich phaases, and (2) subscquent recrystallization in arcus depleted of Ni
which are free of the modulated structure (Reference 21). A lower apinodal tempersture in
alloy 142 due to the lower Mn coutent way have contributed to the formation of this structure.

Machanical Properties

A heat treatmsat study was conducted on sslected alloys in the austenite-percvskite family
to mnaximize the creep resistence. The selected heat treatment was then used throughout in the
subsequent study of compositional effects. Two types of Lheat treatment were conducted: (1)
solution treatment and quenching followed by an isothermal age, or (2) slow cooling from the
solutioning temperature. It was considered that the latter heat treatment would promote
coherency of the spinodal structure at large phase separation. The first type of heat treatments
studied included a solution treatment at either 2100°F (1150°C) for 5 minutes or 1900°F (1040°C)
for 1 hour followed by quenching in oil and aging isothermally at temperatures ranging from 1200
to 1700°F (650°C to 925°C). For the second type of heat treatment, material was cooled siowly
from 1900°F to 1500°F (1040 to 815°C) at an average rate of 2.5°C per minute. The influence of
heat treatment on creep properties is shown in Figure 155 for alloy 9/ and Figure 156 for alloy
141. For both alloys, the creep resistance increases with increasing aging temperature, but the
kest properties are found after the slow cool treatment. Similar results were obtained for alloys
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144 and 146, The poorer creep resistance of the materials after isothermal age, eapecially at 1200
to 1500°F (659 to 815°C), may well be associated with the presence of ferrite produced during
aging as a result of discor:iinuous precipitation reaction at grain boundary regions, Figure 142.
The kinetics of such reaction in solution treated alloy 97 was determined to be most rapid at
these temperatures. Likewise, tiie onset of tertiary creep in the furnace-cooled or solution-treated
materials may also be traced to formation of a critical amount of ferrite at grain boundary regions
during the creep test at 1200°F (650°C). It is also of interest to compare the creep behavior of
, alloy 97, shown in Figure 155, in the solution trected and quenched condition with that of the
! furnace-cooled material. The initial slow creep rates of materials in either condition are
attributed to austenite-perovskite stimaciures; the creep rates acczicrate as a critical amount of
[ ferrite is produced at grain boundaries. The better phase stability of the furnace-cooled material,
| * as evidenced by the prolonged secondary creep stage, may be attrihuted to a larger amount of
- phase separation which had occurred during the firnace-cooling heat treatment, reducing tae
propensity for the discontinuous precipitation.

Using the slow-cool aging treatment defined above, the effects of Mn, Al and C contents on
creep resistance of the austenite-perovskite alloys were evaluated. The effect of Mn on creep
behavior can be observed readily by comparing the results from alloys 145 (0 wt% Mn), 142
(13 wt% Mn), 146 (19 wt% Mn), 97 (22 wt% Mn); and 164 (30 wt% Mn) shown in Figure 167.
Although there are differences in the Al and C contents among the alloys being compared, there
is no doubt that creep resistance clearly increases with increasing Mn content. Scme of the
beneficial effect of the Mn may be simply attributed to its austenite stabilizing tendency as
indicated in the preceding secticn. Another effect of Mn is on the grain structurs, morphology
und distribution of the perovskite phase. Low Mn alloys tend to exhibit fine grains and equiaxed
perovskite carbide distributed at austenite grain boundaries, Figure 154. In contrast, the high Mn
alloys have considerably coarser grains and the perovskite carbide particles are distributed
homogeneocusly in the grains, Figure 150; both of these microstructural features contribute to
creep resistance. The Al or C effect cannot be evaluated independently from the present set of
alloy compositions. However, it is interesting to compare for a given Mn content the creep
behavior of alloy 144 (7.7 wt% Al, 2 wt% C) with alloy 97 (9.2 Al, 1.4C) shown in Figure 158. It
can be observed that the high Al-low C combination impac-ts better creep resistance than low Al-
high C combination.

The effects of alloying with Co, Mo, and W on creep behavior can be observed by comparing
results of alloy 141 (5% Co) with those of alloys 144 and 155 (1% Mo + 0.7% W) with alloy 154 as
shown in Figure 159. It appears that the additions of both the Co and the refractory metals have
a beneficial effect on creep resistance, if the effects arising from variations in Al and C contents
could be considered secondary in making these comparisons. The creep resistance and stability of
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alloy 155 is especially remarkable.

Strength and ductility in the austenite-perovekite alloys were explored using compressive "
yield tests over a range of temperatures and bend tests at room temperature as a measure of low- \;
temperature ductility. An alloy is considered ductile if it can be bent through 180 degrees without :.
fracture. Alloys selected for evalution were given the same heat treatmenta as chose for the -
microstructural studies. Results shown in Figure 160 indicate that the base alloy 97 is ductile in o
as-solution heat treated condition and after the slow cool or the 1400°F (760°C) isothermal aging S5
treatment. Jowever, the alioy fractured with only limited ductility when aged at 1200°F (65¢°C) O
which also resulted in ¢he highest hardness. As shown in Figure 161, the fracture occurred . \1
intergranularly. Alloy 154 was tested in bending in two aging conditions: (1) slow cool, ard (2) i
slow cool plus additional aging at 1200°F (650°C) for 100 hours. The ductility was observed to be ™
limited under both conditions, and the fracture mode is intergranular in the case of the slow-cool .:\'
aging, Figure 162a, and transgranular with the additional isotherrnal aging, Figure 162b. A :vl':
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possible reason for the change in fracture mode can be deduced from Figure 162a, which also
shows some cracking of the large perovakite particles at grain boundaries indicating the brittle
nature of the perovskite carbide phase. Since the additional isothermal aging resulted in
considerable coarsening of the perovskite carbide throughout the microstructure (and hence the
transgranular fracture), thesc observations suggest that ductility in an alloy 154-type microstruc-
ture may be achieved by: (1) minimising the amount of coarse perovskite particles at grain
boundaries, (2) stabilizing the perovskite phase against coarsening, and (3) modifying thermal
processing. Alloy 142, t>sted in the slow-cool aging condition only, shows a rather different mode
of fracture consisting of ductile failure in the auatenite grains and cleavage fracture in the
perovekite particles, Figure 163. These fracture foatures resulted from a microduplex phase
distribution in this alloy shown in Figure 154. The yield strengths of alloys 142, 154, and 155 at
various temperatures are shown in Figure 164 along with A286 for comparison. The yield
strength of alloy 142 is highest at room temperature 1610 MPa (234 kai), but decreases rather
rapidly with increasing temperature to 416 MPa (60 ksi) at 1200°F (650°C). The yield strengtl.s
of alloys 1564 and 135 are higher than A236 for temperatures up to about 1200°F (650°C) and the
temperature dependence appears to be similar in these three alloys which is considerably lower
than that in alloy 142. The rapid decrease in strength with increasing temperature in the case of
alloy 142 may be attributed to its fine grain size (~10 microns).

Fe-Mn-AI-C ANoys — Third Series

The studies conducted on the second elloy series have led to several advances as described
in the preceding section. Significant strength and creep resistance improvements have been
achieved in this type of alloy by microstructurs! control through a slow-cool hoat treatment
which allows large phase separation in the modulated structure without loss of coherency. This
minimizes the discontinuous grain boundary cellular reaction which was shown to be detrimental
to creep resistance. The use of high manganese levels to stabilize the austenite against
transformation to ferrite has also been found to increase creep capability. The addition of small
quantities of refractory metals, 1 Mo+0.5W (wt%) which increase the spinodal temperature
thereby improving the thermal stability at low temperatures, is also an effective approach. The
latter observation suggested that further cresp performance improvement of this type of alloy
may be achieved by more extensive alloying additions. For this purpose, a series of alloys, shown
in Table 57 has been formulated for studies. The base alloy 168, contains 33 wt% Mn, 8 wt% Al,
and 2 wt% C. The level of alloying additions that could be studied was restricted, aince it was
observed during the first year of this program that an ordered bec phase with B2-type structure
was formed in preference to the perovskite carbide when Cr, Si, N were added in moderate
amounts (2 to 5 wt%). This ordered bce compound reduced the creep resistance dramatically. To
reduce the risk of mcrv: radical perturbations of the system, carbide formers are added in small
quantities, 0.5 wt% cnd singly so that individual effects could be identified. The austenite
stabilizers were also added aingly, but in larger quantities, 1.5 wt%.

The alloys were produced as castings which were sectioned and one piece of each alloy was
heated to 1150°C (2100°F) and, where possible, rolled on 130 mm diameter unheated rolls to
about 60% reduction in thickness. Intermediate reheating after each 7% reduction was employed
to facilitate processing.

The analyzed compositions of this series of alloys, given in Table 58, show no major
deviations from the nominal compositions except for alloy 166, in which the Si content is 46%
lower than aim. Hot rolling of the cast ingots proved to be adifficult as most fractured during
rolling at 2100°F (1150°C). (Most recent work has shown that this type of allor can be extruded
successfully in stainless steel containers counled with a carefully controlled process cycle.)
Consequent'y, only cast material was evaluated. Prior to testing, the castings were given a
homogenization heat treatment of 2100°F (1150°C) for 72 hours under a partial pressure of
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argon. The homogenized materials were then reheated to 2000°F (1096°C) for 15 minutes,
fornace cooled to 1500°F (816°C) followed by cooling in air. The slow cooling promotes large
phase separstion which has been shown to produce superior creep resistance among the various
heat treatment cycles svaluated previously.
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Figure 154. Microduplex Structure Consisting of Perouskite Particles and Austenite Grains
Observed in Alloy 142 After Heat Treatment at 1040°C for 10 Minutes
Followed by Cooling to 815°C at an Average Rate of 2.5°C Per Minute
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Figure 155. Creep Behavior of Alloy 97 at 650°C and 293 MPa After Various Aging Heat
Treatments Indicated. Solution Heat Treatment 1150°C/5 min/OQ
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Figure 156. Creep Behavior of Alloy 141 at 650°C and 293 MPa After Various Aging Heat
Treatments Indicated. Solution Heat Treatment 1040°C/1h/0CQ
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Figure 157. Creep Curves of Alloys 97, 142, 145, 146 and 154 at 650°C and 293 MPa
Tllustrating the Effect of Mn on Creep Resistance
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Figure 158. Creep Curves of Alloys 97 and 144 at 650°C and 293 MPa Illustrating the
Effect of Two Different Combinations of Al and C Contents on Creep
Resistance
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Creep Curves of Alloys 141, 144, 154 and 155 at 650°C and 293 MPa
Tllustrating the Affects of Co and Refractory Metals Additions on Creep
Resistance
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Figure 160. Hardness and Room Temperaturei. Bend Ductility of Alloy 97 After Various

" Heat Treatments
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Figure 161. Fracture Features of Alloy 97 in a Room Temperature Bend Test. Heat
Treatment: 1150°C/5 min/0Q+ 650°C/24h/AC
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Figure 162. Fracture Features of Alloy 1564 in a Room Temperature Bend Test. Heat
Treatment: {a) 1040°C/10 min/Cuoled to 815°C at a Rate of 2.5°C/min
Followed by Cooling to Room Temperature in Air (b) Heat Treatment as in
(a) Plus Isothermal Aging at 650°C for 100 Hours
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Figure 163. Fracture Surface Features of Alloy 142 in a Room Temperature Bend Test.
Heat Treatment: 1040°C/10 min/Cooled to 815°C at a Rate of 2.5°C/min
Followed by Cooling to Room Temperature in Air
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Figure 164. 0.2% Yield Strengths of Alloys 142, 154, and 155 and the Iron-Base |
Superalloy A286 .
y
N
216 |
by
2

{ 1448C )
LA™ {3 Nt % 3 P i X L “m oy a e W e Y S I DRV N ) LTI LT R " W l:
WM&M@&%&M{&% RN Y, T MR OR LR CH AT BN T 4



. N M- NN BRI NN TEHEWAN MW G WTLUL S SN E Y Fil ¥ T USSP TaArFAa T T T rrra A mwew

TABLE 57. NOMINAL COMPOSITIONS OF Fe-Mn-A1-C ALLOYS, Wt%

Alloy Fe Mn Al c Other
156 Bal 33 8 2 0.5Ti
' 157 Bal a3 8 2 0.5Zr
158 Bal 33 8 2 0.5Hf
159 Bal 43 8 2 0.5V
. 160 Bal 33 8 2 0.5Cr
161 Bal 33 8 2 0.5Mo
162 Bal 33 8 2 0.1W
) 163 Bal a3 8 2 0.1Co
€ 164 Bal 23 8 2 0.5Ni
¥ 165 Bal 33 8 2 0.5Cu
166 Bal a3 8 2 0.5Si
167 Bal 33 8 2 0.5Mo + 0.020B
168 Bal a3 8 2 -
T450C
’ TABLE 58. ANALYZED COMPOSITIONS OF Fe-Mn-Al-C ALLOYS, Wt%
4
Alloy Fe Mn Al c Other
156 Bal 33.5 7.8 2 0.62Ti
157 Bal 33.8 8.2 2 0.41Zr
158 Bal 33.1 8.2 2 0.45H(
159 Bal 33.9 78 2 0.58V
160 Bal 33.2 8.2 2 0.67Cr
161 Bal 344 77 2 0.56Mo
162 Bal 34.2 16 2 0.76W
163 Bal 344 7.6 2 1.60Co
164 Bal 33.8 8.2 2 1.50Ni
165 Bal 325 83 2 1.58Cu
3 166 Bal 33.8 8.2 2 0.27Si
o 167 Bal 33.5 8.2 2 0.041B + 0.54Mo
' 168 Bal 34.0 7.7 2 —

7480C

Microstructure (Alloys 156-168)

Important microstructural features of this type of alloy have been established in preceding
sections. Basically the microstructure of the Fe-Mn-Al-C alloys of interest consists of uniformly
distributed perovskite carbide particles precipitated in the austenitic matrix. The size of these
perovskite carbide particles depends un heat treatment. In particular, with the selected slow-cool
heat treatment at 2000°F (1095°C) which is below the carbide solvus, coarsening of the primary
carbide particles and precipitation of fine particles occur simultaneously during the elow cooling.
The cooling perovskite carbide particles are submicron in size and coherent with the matrix.
Particle coarsening occurs by growth and coalescence mechanisms. The conrsened particles tend
to be rectangular in shape with sides aligned along <001> directions. Coarsening of the
perovskite carbide is accompanied by a gradual loss of lattice coherency with the matrix.

»

The microstructure of the base alloy 168 is presented in Figure 1656a, and those with
alloying addition in Figures 165b to 165m. The phase structures of some of these alloys were
determined using X-ray powder diffraction technique. Results, given in Table 59, show that the
major phases present are austenite and perovskite carbide, confirming the expectation that small
alloying additions would not change the phase balance in the base composition. The
microstructure of the base alloy, Flgure 160&, consists of coarsened primary perovskite carbide
particies disiribuied intragrannuiariy and at grain boun(mry regions, The intragrannular
pasticles appear to be rod-like with some preferred alignment, and those at the grain boundary
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region are block-type. These microstmctural characteristics, with mi:.or variations, prevail in all

the modified alloys with the exception of the vanadium modified alloy 159. In this case,

spheroidized perovskite carbide particles were observed. Figure 165b. Further, the dimensiuns of

the particles are considerably smaller than those in other alloys of this series. These observations

‘ suggest that V has a major effect on the perovskite carbide conrsening kiretics, and could be used

! to control the size and morphology of the perovskite carbide particles. The microstructure of the

| V-modified alloy was studied in greater detail using thin-foil electron microscopy techniques.

The transmission electron micrograph, shown in Figure 166, shows the coarsened equiaxed- .
shaped perovskite carbide particles, labeled b, and the mottled appearance of the nratrix due to

the formation of a very fine modulated structure. Figure 166 also shows large strain contrast

around the cvarsened particles. Examination of the particle/matrix interface revealed some .
fringes and a low density of isolated dislocations indicating that the coarsened particles may be

semi-coherent with the matrix. A small number of V-rich particles, lubeled ¢ in Figure 166,

probably vanadium curbide, were also observed in this alloy.
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Figure 165(a). Optical Micrographs of Alloys in the Third Series Aft<r a Solution :

Treatrmont of 3°C for 30 min Followed by Furnace Cooling to 815°C a. R
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Figure 165(b). Optical Micrographs of Alloys in the Third Series After a Solution
Treatment of 1095°C for 30 min Followed by Furnace Cooling to 815°C, b.
Base + 0.5 wt% Ti (Alloy 156) ¢. Base + 0.5 wt% Zr (Alloy 157) d. Base
+ 0.5 wt% Hf (Alloy 158) e. Base + 0.5 wt% V (Aloy 159)

T43C

AR AT R e R R e ) S S Al N Wl Tl A I S R TN T Rk i tol R S S Y LS L L SRy AR My o », W W M LY
N e L R R N e T T e e e R e e e R i i



b B L g 2 AR ES AR A LA AR Al LA b A B2 s bt b g 2ot il Bl Bl A L ok Ral Bl 2ol Bl ol gl bad Bak Rk tof € AR 2ol o)

05 W 1.5 Co

FD 270174

Figure 165(c). Optical M«rographs of Alloys in the First Series After a Solution Treatment
of 1095°C for 30 min Followed by Furnace Cooling to 815°C f. Base + 0.5
wt% Cr (Alloy 160) g. Base + 0.5 wt% Mo (Alloy 161) h. Base + 0.5 wt%
W (Alloy 162) i. Base + 1.5 wt% Co (Alloy 163)
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Figure 165(d). Optical Micrographs of Alloys in the First Series After ¢ Solution
Treatment of 1095°C for 30 min Followed by Furnace Cnoling to 815°C j.
Base + 1.5 wt% Ni (Alloy 164) k. Base + 1.5 wt% Cu (Allov 165) .. Base
+ 0.5 wt% Si (Alloy 166) m. Base + 0.5 wt% Mo + 0.02 wt% ]

(Alloy 167)
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TABLE §9. X-RAY ANALYSIS FROM FILINGS

Structures f Phases and Estimated Amounts
in Fe-33Mn-8Al-2C-X (wt%) Alloys
HT:2000°F/1 min/Furnace Cooled to 1500°F
CrKn Radiation

159

161

162

163

THC

........

1 ;}v{.‘!. AR CRY AT

0.8V

0.5 Mo

or W

1.5 Co

<

80-88 v/o disordered foc Fe Solid Solution (a, ~ 3.6786)
18-30 v/o ordered fec AlFe,C Structure (a, =~ 3.7960)

85-90 v/o disordered fcc Fe Solid Solution (a, ~ 3.6335)
10-18 v/o ordersd fec AlFe,C Structure (a, ~ 3.7969)

~90-88 v/o disordered focc Fe Solid Solution (a, ~ 3.6335)
~5:-10 v/o ordered tce AlFe,C Structure (a, ~ 3.8006)

70-75 v/o disordered foc Fe Solid Solution (a, =~ 3.6810)
25-30 v/u ordered foo AlFe,C Structure (a, ~ 3.7978)

70-75 vio disordered fuc Fe Solid Solution (a, = 3.6860)
25-30 v/o ordered fec AlFe,C Structure (a, ~ 3.7969)

75 v/o disordered fec Fe Solid Solution (a, =~ 3.8736)
25 v/o ordered foc AlFe,C' Structure (s, =~ 3.7952)

FD 270176

Figure 166. Transmission Electron Micrograph of Alloy 159 After the Furnace Cool Heat
Treatment Described in the Preceding Figure Illustrating the Precipitation of
Very Fine Perovskite Carbide Particles in the Matrix (a), the Equiaxed
Shaped Primary Perovskite Carbide Particles (b), and the Vanadium-Rich
Particles (c)
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It is also of interest to exaniine the effect of alloying on precipitate/matrix lattice mismatch
using the lattice parameters of austenite and perovskite carbide shown previvusly in Table 59.
The calculated mismatch valves, shown in Table 60, are slightly over 3% for all the alloys
studied.

TABLE 60. EFFECT CF ALLOYING ON AUSTENITE AND PEROVSKITE CARBIDE
LATTICED PARAMETERS

Atomic

Alloy Wt%X  Rodius of X Ad', % Ad, % A, %
168  Fe, Mn 1.26A 0 0 3.191
1% 05 T 1.47A 0.133 0.0237 3.079
159 05 V 1.34A 0.133 0.1211 3.179
161 05 Mo 1.39A 0.085 0.0474 3.173

05 W 1.30A 0.201 0.0237 3.009
163 05 Co 1.25A -0.136 -0.0211 3.310

aa*, = Change in austenits lattice parameter by alloying element 2
= (8"~ a,)/a, X 100

o TR R IRl e E TN TRV -
2

Aa™ = Change in perovskite lattica parameter by alloying element x
= (% - a)/ap X 100

Aa,_,  lattice mismatch beiween austenite and perovskite
- (." - .‘. )/.‘. X lm

Where a, and a, are the lattice parameters of the austenite and
perovakite, respectively in the base alloy 168.

W W

0C

Creep Behavior

The creep results for this alloy series are presented in three groups. The group with the
highest creep resistance consists of alloys with additions of Mo (alloys 161, 167), W (alloy 162),
Mo+W (alloy 155), and V (alloy 159). The results, presented in Figure 167 show there are no
important differences between these alloying additions. The bes: resistance in this group was
obeerved in alloy 155 which contains a 1 wt% Mo+0.5 wt% W. The second group consists of
alloys modified with an austenite stabilizer Co (alloy 163), Ni (alloy 164), and Cu (alloy 165).
Results, given in Figure 168, again indicate only minor differences between these alloys which
exhibit lower creep resistance compared with alloys in the first group. The third group comprisea
the remaining alloys in this series, including primarily those with additions of carbide-forming
elements. Results, illustrated in Figure 169, show that creep resistance increases in the order
Zr, Si, Ti, Cr=HI, V.

X
-
.
h
:

Fe-Ni/Mn-Al[TI ANoys

The analyzed compositions of the Fe-Ni/Mn-Al and Fe-Ni/Mn-Ti alloys, given in
Tables 61 and 62, respectively, show no major deviations from the aim compositions. The Fe-
Ni/Mn-Ti alloys were studied in the cast form after a solution treatment of 1900°F (1040°C) for
1 hour followed by quenching in oil and then aging at 1200°F (650°C) for 16 hours. In the case of
the Fe-Ni/Mn-A! alloys, a saction of each casting was heated to 210C°F (1150°C), and then rolled
between 130 mm diameter unheated rolls (with reheating after each 7% reduction) to an
approximately 60% reduction in thickness. It was observed that the high-Ni, alloys 147, 148,
and 149, cracked during rolling. The remaining alloys (150 th1ough 153) were successfully rolied
to about 60%.
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Figure 167. Creep Curves of Alloys 155 (1 wt% Mo + 0.5 wt% W), 16
¢ 162 (0.5 wt% W), 167 (0.5 wt% + 0.2 wt% B) and 168 (Base) at 650°C and
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Figure 168. Creep Curves of Alloys 156 (1.5 wt% (o), 164 (1.5 wt% Ni) 165 (1.5 wt% Cu) :..
and 168 (Base) at 650°C and 293 MPa g
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Fe Mn Ni Al Other

147 Bal 37.8 256.8 5.1 —
148 Bal 37.3 25.5 23 40 Ti
149 Bal 3.8 26.4 5.1 0.86 C

150 Bal 52.3 11.7 6.6 —
151 Bal 50.6 12.2 6.8 106 C

162 Ral 24.8 - 24 —
153 Bal 33.8 — 2.4 4.8 Ti
TABOC

TABLE 62. ANALYZED
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Figure 169. Creep Curves of Alloys 156 (0.5 wt% Ti), 157 (0.5 wt% 2Zr), 158 (0.5 wt% Hf),
159 (0.5 wt% V), 160 (0.5 wt% Cr), 161 (0.5 wt% Mo), and 166 (0.5 wt% Si
and 168 (Base)) at 650°C and 293 MPa

TABLE 61. ANALYZED COMPOSITIONS OF Fe-Ni/Mn-Al ALLOYS, Wt%

COMPOSITIONS OF Fe-Ni/Mn-Ti ALLOYS, Wt%

Alloy Fe Mn Ni Ti Mo Al Other
169 Bal 35.2 25.1 1.6 — — -
243 Bal - 308 34 0.95 0.11 —
244 Bal 179 123 3.2 0.92 0.10 —
245 Bal 216 7.8 3.2 0.97 0.11 -
- 246 Bal — 48.6 3.3 0.96 0.11 —
247 Bal 26.9 18.3 34 0.97 0.10 —
248 Bal 33.4 11.8 3.2 098  0.10 —
170 Bal 35.9 24.b 3.3 —_ - -
249 Bal 36.5 23.9 3.3 0.98 0.16 -
250 Bal 13.9 11.8 3.2 0.94 0.10 2.29Cu
h 251 Bal 23.4 7.6 3.2 0.94 0.10 2.27Cu
T450C
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Microstructure of Fe-Ni/Mn-Al Alloys

The structures of alloys 147-153, as determined by X-ray analysis, are summarized in
Table 63. With the exception of alloy 162, major constituents in these alloys are austenite and a
CsCl-type ordered bec phase. Based on projections from some of the results from the first year of
this program and the literature, an ordered fcc phase with L1, type structure was anticipated
instead of the ordered bcc phase. These structural results coupled with the poor creep
performance of alloys in this series, as will be described in a following section, indicate the
difficulty of this particular alloying approach.

TABLE 63. RESULTS OF PHASE IDENTIFICATION BY X-RAY FROM FILINGS i
OF ALLOYS 147-153, CRKa RADIATION

Alloy*  ~60-65 v/o disordered f.c.c. (a,~3.628A) and
147t = 40-35 v/o ordered b.c.c. (a,=~2.914A)

148%  =75-70 v/o disordered fc.c. (a,~3.629A),
=~25-30 v/o ordered b.c.c. (a,~ 2.934A) and
~<<] v/u possibly MnO (f.c.c.) single peak

149 =56 v/o disordered f.c.c. (a,~ 3.628A)
=40 v/o ordered b.c.c. (a,~2916A) and
~5 v/o tetragonal Feg, Mny ¢ C (a,~ 6.722A and ¢,~9427A)

150*  ~60-55 v/o primitive cubic, FeMN, (a, ~6.293A) and
~40-45 v/o ordered b.c.c. (a,~2.896A)

151*  ~55-50 v/o disordered f.c.c. (a,~ 3.662A),
~=35-30 v/o ordered b.c.c. (a,~2.888A),
~10 v/o primitive cubic, FeMn, (a,~6.291A) and
~5-10 v/o tetragonal Fey, Mn;g C (a,~6.774A and ¢ ~9.426A)

152*  Single phase, disordered f.c.c. (a,~3.614A)

153* =175 v/0-80 v/o disordered f.c.c. (a,~3.628A) and
=25 v/0-20 v/o disordered b.cc. a-Mn (a,~8.894A)

\

* Alloys were soiution heat treated at 1040°C/1h/0Q and aged at 650°C/16h/AC

+ Alloy fractured during hot rolling. Castings were homogenized ut 1150°C/50h prior to
the solution and age heat treatments described above

7450C

Microstructure of Fa-Ni/Mn-Ti Alloys

Microstructures of alloys with increasing Mn/Ni ratio are shown in Figure 170. With high-
Ni content, alloys 243, 246, and 170 appear to be essentially single phase, Figure 170a. However,
detailed electron micrographs (Figure 171) show the precipitation of fine particles in these alloys
about 50A in diameter which exhibit L1,-type structure, and are coherent with the austenitic
matrix. The presence of a more massive second phase became noticeable when the Ni content -
was lower than about 12 a/o, Figure 170b, and became increasingly evident as the Mn content
increased at the expense of Ni, Figure 170c. The more massive phase is distributed throughout
the microstructure with some preference for grain boundaries. The composition and structure of
this phase were determined using electron microscopy techniques. Results, given in Figures 172
and 173, show that the second phase is enriched in T'i (21 a/0) and exhibits a hexagonal structure
with a = 4.56A and ¢ = 40A. These parameters correlate with the Laves phases Fe,Ti and Mn,Ti
with hexagonal MgZn,-type structure (C14) although with lattice parameters slightly larger than
those measured in the present studies. The substitution of Mn and Fe with the smaller Ni atoms
may account for the smaller lattice parameters. i
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Figure 170. Optical Micrographs of Selected Alloys in the Fe-Ni/Mn-Ti Alloy Series
[llustrating Microstructure Changes When an Ir-reasing Amount of Ni Was
Replaced With Mn Alloys Were a Solution Heat Treated at 1040°C for 1 hr
Followed by Quenching in Oil and Then Aging at 650°C for 16 hr. a. Alloy
243 (30 a/o Ni) b. Alloy 244 (18.5 a/o Mn+i1.5 a/o Ni) c. Alloy 245 (22.5 a/o
Mn + 7.5 afo Ni)
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Figure 171. Transmission Electron Micrographs of Alloy 243 After the Heat Treatment
Described in the Preceding Figure. These Fi- s Illustrate the Precipitation of
Very Fine L1,-Type Particles (A) Bright Fiew- (B) Dark Field Illuminated by
a Superlattice Reflection
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Fe - 59.9 wt%, 58.1 at% Fe - 70.1 wt%, 69.7 at%

Ni - 6.6 wt%, 6.1 at% Ni - 6.4 wt%, 6.1 at% !
- Mn - 14.5 wit%, 14.3 at% Mn - 20.9 wt%, 21.1 at% |
Ti - 19.1 wi%, 21.6 at% Ti - 2.7 wt%, 3.1 at% 1

FD 270182

Figure 172. Electron Micrograph of Alloy 245 Illustrating the Absence of L1, Type
Particles in the Matrix and the Formation of More Massive Ti-Rich Particles
Distributed Throughout the Alloy
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Figure 173. Micro-micro Electron Diffraction Patterns from the Ti-rich Particles Shown in

the Preceding Figure. These and Other Diffraction Patterns Could be Indexed
as hcp With Lattice Parameters of a = 4.56A, ¢ = 7.40A, (a)(100), (b)(231)
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Creep Behavior of Fe-Ni/Mn-Al Alloys

Creep results of selected alloys in this series, illustrated in Figure 174, show that the creep
resistance of the allovs in this series is gensrally much lower than that of the austenite-
perovskite series. Alloys 148 and 149, which cracked during hot rolling, were given a
homogenizing heat treatment at 2100°I" (1160°C) for 50 hours. Alloy 148 showed incipient
melting at grain boundary regions after this heat treatment, and therefore was not tested.
Difficulty was encountered in machining specimens from alloy 150 as the specimen cracked
readily at room temperature, and therefore no test was conducted. Because of the poor
performance of the alloys in this series, further evaluations do not appear to be worthwhile.

. 72—
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Figure 174. Creep Curves of Alloys 147, 151, 152, and 153 at 650°C and 293 MPa

The effect ot Ti level on creep resistance can be observed in Figure 175, which shows the
creep behavior of alloys 169 and 170 with 1.7 and 3.4 wt% Ti, respectively. It is evident from
these results that for good creep resistance a Ti level larger than 2 wt% is required (for
comparison, iron base superalloy A286 contains about 2.15 wt% Ti).

g
Q
E
'a
g

Alloys with. different Ni levels (243, 246, and 170) and situated in the y+ (Fe,Ni), Ti or y
phase field of the Fe-Ni-Ti ternary diagram, see Figure 111, can be used to assess the effect of Ni
level on creep behavior. The creep behavior of these allcys is illustrated in Figure 176, which
appears to show that alloys in the y+ (Fe,Ni), Ti phase field exhibit better creep resistance than
alloys in the y phase field.

The effect of replacing Ni with Mn can be observed from the creep results of two groups of
alloys: (1) alloys 243, 244, and 245 with (ivin + Ni) = 30 a/o, and (2) alloys 246, 247, and 248 with
(Mn = Ni) = 45 a/o, given in Figures 177 and 178 respectively. Figure 177 shows that the creep
resistance of alloy 243 was reduced drastically when the Ni content was reduced to less than 12
a/o. The poor creep resistance in alloys 244 and 245 can be correlated with the formation of the
Laves phase in these alloys. Similur relationships between resistance and microstructure can also
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| be seen in the results of the second group of alloys, alloys 246, 247, and 248, It is interesting to
note the similarity in the creep resistance of alloys 246 and 247 even though the Ni contents
differ significantly, i.e., 456 a/o and 17 a/o, respectively. This observation, coupled with those
from the first group of alloys, Figure 177, indicates the minimum Ni content required to stabilize
the L1, structure in the Fe-Mn/Ni-Ti alloys is in the range of 12 to 17 a/o. However, ternary Fe-
Ni-Ti alloys with these Ni contents lie in the ferrite + austenite + Laves 3-phase field, Figure
111. The absence of ferrite in the presert alloys can be directly attributed to the austenite
stabilizing effect of Mn. It may therefore be concluded that although Mn does not appear to
promote the formation of the L1, phase. it does exhibit a beneficial effect by suppressing the
formation of the ferrite phase, thus allowing creep resistance to be retained to a lower Ni levei.
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Figure 175. Creep Curves of Alloys 169 (2 afo Ti) and 170 (4 a/o Ni), ct 650°C
and 293 MPa

The effect on creep resistance of alloying with Cu can be observed from the creep behavior
of alloys 244 and 250 illustrated in Figure 179 which shows that Cu does not have a beneficial
effect on resistance of this type of alloy.

Corrosion Studies

Cyclic oxidation between 68 and 1400°F (20 and 760°C) was studied in alloys 74, 75, 76,
A286, and H46. The changes in weight as a function of exposure time are shown in Figure 180.
The appearance of the specimens after 250 hours (125 thermal cycles) is shown in Figure 180b.
Results show that all the Fe-Mn-Al alloys have a better oxidation resistance than the stainless
steels A286 and H46. There are no significant differenices between the individual Fe-Mn-Al ]

alloys, but alloy 76, which has the higher aluminum content, appears to be slightly better than \y
alloys 74 and 75. The weight change data for the latter two alloys fall almost on the same curve, ?!
indicating that a 2 wt% di{ference in Cr content has no effect on oxidation. -’
.
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Figure 176. Creep Curves of Aloys 243 (30 a/o Ni), 246 (45 afo Ni), and 170 (23 a/o
Ni + 87 afo Mn) at 650°C and 293 MPa
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Figure 177. Creep Curves of Aloys 243 (30 a/o Ni), 244 (11.5 afo Ni + 18.5 afo Mn) and
245 (7.5 afo Ni + 22.5 afo Mn) at 650°C and 293 MPa l

233

T448C

S M AANNG SR CRE IR AN e e T 0 RO SC A S AV W A g ‘&"{J‘*..-. AR IALVIAR IS AT




g Ry TR TR TIERIT IR U T NN A TRl A N AW MRENA AR R T A NN A NN A T VAV AN Sy W

— 11.25NI + 33.75Mn

11— 17.3NI + 27.7Mn

A e

1 | I | 1

—20 20 60 100 140 180
Time - hr

FDA 318429

Figure 178. Creep Curves of Alloys 246 (45 ajo Ni), 247 (17.3 afo Ni + 27.7 afo Mn) and
248 (11.25 afo Ni + 33.75 afo Mn) at 650°C and 293 MPa
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Figure 179. Creep Curves of Alloys 244 (0 Cu) and 250 (2 Cu) at 650°C and 293 MPa
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Figure 180. (A) Weight Change Versus Exposure Timc in Cyclic Oxidation Between 20
and 760°C in 2-Hour Cycle. (B) Appearance of the Specimens After 250 Hours

235

E ac .
----------- - 3 tym

i e ; . MRS et e R v
e R PR TR L I AT e RN S RN O L T S Nl Sath i AR L S N N S e PR T ) R AR ST S AL RS, '-N
M:‘”km pae) t"l’\.ra':-‘n':-f:? ,..“:"J‘ N .\':‘ .g'.lf::n' :lf:l‘- e o T A K e :L;Y e e tn tats fada tate Cadala tudatatuH Aﬁ\.‘(‘h.’fh‘ 'S Py :ﬁd



B2

Corrosion (sulfidation) of the uncoated alloys in a mixture of NagSO, and NaCl at 1200°F
(850°C) in static air was studied at two NaCl concentration levels, 50 and 25% by weight. The
weight change data and the surface appearance of specimens after 250 hours using these two
mixtures of salts are shown in Figures 181 and 182, respectively. Although the data show some
differences among the alloys, the test resuita were judged to be nondiscriminating because of the
severity of the sulfidation attack as evidenced by the surface appearance after the 250-hour
exposure. With the less severe corroding media (25% NaCl mixture), alloy 76 appears to be less
severely attacked than the other alloys studied. Among the Fe-Mn-Al alloys, the Cr-free alloy
(alloy 50) appears to be inferior to the Cr-containing ones. In general. the sulfidation results of
the uncoated alloys taken collectively seem to suggest that the sulfidation resistance of the
Fe-Mn-Al alloys under the conditions studied is about the same as A286 and H46.

The results of the corrosion tests on the specimens protected with aluminized coatings and
chromized coatings are presented in Figures 183 and 184. As can be seen from Figure 183 the
aluminized coating (PWA 73) provided excellent sulfidation protection for A286 and to a lesser
extant H46 also. However, such coating was ineffective for the Fe-Mn-Al alloys which show
severe pitting and spalling. In contrast, chromized coating (PWA 70) p:ovides considerably
better sulfidation protection to ail the alloys (Figure 184). We may also note that alloy 75, which
containa the highest Cr content (5§%) among the Fe-Mn-Al alloys, compares favorably with A286
and H46.

DETAILED EVALUATIONS OF SELECTED ALLOYS
The goal for the final stage of this program task was to select promising alloys for detailed
evaluations. Alloys based on the austenite-perovskite phase structure were selected because of

their interesting microstructure and good creep resistance. The nominal compositions of the
selected alloys, designated No. 262 and 263 are (in wt%):

Ay Fe Mn Al C  Others

252 Bal 30 9.0 20 1Mo,
0.5W

253 Bal 33 9.0 15 1Mo,
0.5W

The alloys based on the Fe-Ni/Mn-Ti system exhibited equally desirable microstructure
and excellent creep resistance, but were not as cost effective because of a moderate amount of Ni
needed for stabilization of the L1, precipitate phase. Further, the environmental resistance of
Fe-Ni/Mn-Ti alloys is probably inferior to the Fe-Mn-Al-C alloys at elevated temperatures.

Experimental

Alioy Preparation

Vacuum induction melted ingots of alloys 2562 and 253 were procured from Homogeneous
Metals Incorporated (HMI). To eliminate the casting pores, the ingots were enclosed in stainless
steel cans and then hot isostatically pressed at,2200°F (1205°C) for 8 hours under 15 ksi
(103 MPa). After machining into extrusion preforms 2.95 inches (7.5 c¢m) in diameter and
7 inches (17.8 cm) long, the HIP ingots were equilibrated in a furnace preheated to 1000°F
(540°C) followed by a slow rate of temperature increase until the extrusion temperature was
reached. The ingots, still in HIP containers, were extruded at 2150°F (1175°C) using an extrusion
ratio of 9. The extrusion was conducted at the Air Force Materials Processing Laboratory.
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Figure 181. (A) Weight Change Versus Exposure Time in 650°C Sulfidation Tests With a

Mixture of 50 Wt% NagSO, and 50 Wt% NaCl. (B) Appearance of the
Specimens After 250 Hours
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Figure 183. (A) Weight Change Versus Exposure Time in 650°C Sulfidation Tests With a
Mixture of 50 Wt% Na,SO, 50 Wt% NaCl. Specimens Protected With
Aluminized Coatings. (B) Appearance of the Specimens After 250 Hours
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Figure 184. (A) Weight Change Versus Exposure Time in 650°C Sulfidation Tests With a
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Chromized Coatings. (B) Appearance of the Specimens After 250 Hours
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Mechanica! Evaiuations

Prior to mechanical evaluations, the extruded. alloys 252 and 253 were given a heat

treatment cycle . {identified in the alloying screening studies) which consisted of a-solution
* treatment at 2050°F (1120°C) followed by furnace cooling to 1500°F (815°C) at an average rate of
.8.6° F (2°C) per- minute, and removal from the furnace for air cooling to room temperature.
T “"Mechamcal properties ‘evaluated include tensile, creep rupture, fracture toughness, fatigue, and
elastic stifiness. Standard specimen corfigurations, given in Figure 185, were machined wich the
specimer. axis parallel to the extrusion direction. Except for the elastic stiffness, all testing was
. conducted following the respective 'ASTM-prescribed procedures. The -elastic properties were
" measured at Southern Research Institute, Bu'mmgham, Alabama using a resonance technique.
bpecxmens mechined to the conﬁguratxon, shown in anure 186 were used for the measurement
“of dynamic elastic moduli. The technique involved exciting the  specimen by electrostatic mesns.
detecting and measuring the resonant frequency of the specimen by similar means. Figure 187 is
a block diagram of the equipment. used. Support of the specimen was accomplished at the middle

" of its length which coincides with a vibration node, and therefore has no effect on the resonant -

* frequency. The followmg relationship was used to calculate the dynamic modulus.

b 3

P I R T

Where:

4p L% .

Young's dynamic modulus

Density .

length, in. 4

resonant frequency, Hz. , o 1

(1 ll.-ll ll

E=
E
p
L
f

Physical Evaluations

The physical properties measured on alloys 252 and 283 include density and thermal
expansivity. Density was determined .from a cylindrical specimen shown in Figure 187 by
accurately weighing and measuring the specimen dimensions. To determine the tharmal
expeansivity, a dilatometer with a platinum standard was used to measure dimensional changes in
a cylindrical specimen 2 inches long and 0.128 inch diameter (5.1 cm long, 0.3 cm diameter) as a
function of temperature.

Resuits and Discussion

Cracking problems were encountered during the initial extrusion of alloys 252 and 253. It i
was {ound that by eliminating the ingot casting defects and severe tempurature gradient in the :
ingot during the extrusion cycle, the present alloys could be extruded successfully at 2150°F :
(1175°C) without difficulties. Figur2 188 shows the relative dimensions and appearance of the
preform and the extruded bar. The chemical analysis of the alloys, given in Table 64 shows no
major deviztions from the aims. The microstructure of the alloys in the as-2x‘ruded condition are
given in Figures 189 and 190. The higher carbon content in alloy 252 is reflected in the
microstructure in terms of larger and more numerous perovskite carbide particles. Another
remsurkable microstractural feature is a continuous decoration of grain boundaries with carbide
particles in alloy 253. The microstructures of alloys 252 and 253 after the furnace cooling heat
trzatment appear to be essentially similar to the respective microstructures in the as-extruded

condition.
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Figure 187. Schematic of the Dynamic Modulus Apparatus
Tensile Proporiles
The tensile properties of alloys 252 and 253, given in Table 65, show similar characteristics.

Both alloys exhibit high yield strength to intermediate temperatures and poor ductility at low
temperatures. The yield strength of both alloys compares favorably with A286, but the ultimate
tensile strength is conaiderably lower due to a lower degree of work hardening, Figure 191, in
these alloye. As shown in Figure 192, the low temperature brittleness of the present alloys can be
attributed to the cracking of the large perovskite carbide particles at grain boundaries and
linking of the microcracks to preduce intergranular fracture. At temperatures cver 400°F (205°C)
both alloys show good tensile ductility, and less cracking of intergranular carbide particles was
vbserved. The tensile fracture mode at intermediate temperatures tends to e a mix of
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intergranular and transgranular (Figure 193). The ductility changes can apparently be correlated ]
with changes in deformation behavior at various temperatures. Figures 194 and 195 show that
the low temperature brittleness of alloy 252 is associated with the formation of slip bands and
that microtwinning becomes the predominant mode of deformation at temperatures above 400°F
(205°C). o

Y

Scm

FD 318434

Figure 188. The Relative Dimensions and Appearance of the Extrusion Preform and the
Extruded Bar of Alloy 252

TABLE 64. ANALYZED COMPOSITIONS OF PHASE III ALLOYS, WT%

Alloy Fe Mn Al C Others

252 Bai 30.6 8.6 2.0 1.14Mo, 0.39W
2C Bal 32.2 9.5 1.2 1.16Mo, 0.45W
780C
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Figure 189. Microstructure of Alloy 252 in the As-extruded Condition

i 245
"S-
R{

A oy e O L% SRR B L R R DA T R IR RPN LR N A G N N B 6 M 00



ey e— - ——— e e e e vf_'f\’:‘-”“v“"“--“n'-“"“mi

£ 08

;
&
B
i
E
!
N
§
X
N
i
)
\
b
§

FD 318435

Figure 190. Microstructure of Alloy 253 in the As-extruded Condition
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TABLE 65. TENSILE PROPERTIES OF PHASE UI ALLOYS

Temnp 0.2% YS uTs E1 RA
*F hsi kst % %
Alloy 255

0 138.7 144.8 0.7 —
70 152.9 1375 0.6 0.5
400 969 1113 2.7 2.8
400 100.2 1153 2.1 2.8
800 32.1 1258 15.0 139
800 90.7 124.3 18.2 10.8
1200 83.6 1038 23.2 28.0
1200 °18 98.3 T 39.1
1300 743 88.8 26.0 28.9
1500 79 88.5 274 28.0
Alloy 253

70 .

70 hd
400 99.2 111.0 13.1 12.2
400 1025 1126 105 104
800 96.5 109.6 236 48.6
800 45.3 109.2 36.2 453
1200 824 95.7 12.0 20.7
1200 876 98.2 10.1 31.1
1300 78.2 839 216 26.2
1300 769 85.8 23.8 26.0

* Specimen fractured without yielding
T0C
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Figure 191. Yield Strength and Ultimate Tensile Strength of Alloy 252 and A286
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Figure 192. Tensile Fracture of Alloy 252 at 400°F (204°C)
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Figure 193. Tensile Fracture of Alloy 252 at 1300°F (704°C)
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Figure 194. Dislocation Structure in Alloy 252 Resulting from Tensile Deformation at
Temperatures Below the Brittle-Ductile Transition
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Figure 195. Dislocation Structure in Alloy 252 Resulting from Tensile Deformation at
Temperatures Above the Brittle-Duciile Transition (a) Bright Field Microgranh
(b) Dark Field Showing Microtwins in the Same Area as (a)
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. Creop Rupture Properties

‘Creep rupture data of alloys 252 and 253, giver. in Table 66 show that, in contrast to tensile
properties, alloy composition has an important effect on rupture life. The rupture life of alloy
- 262, which contains 2 wt% carbon, is two to three times longer than that of alloy 253 with 1.2
wt% .carbon. It is also rewarkable that alloy 252 showed considerably higher creep rupture
- ductility than alloy £53. Table 67 shows a comparigon of the 100-hour creep rupture strength of

the present alloys with A286. It can be seen that the creep rupture strength of alloy 252 is
equivalent to A286 at 1200°F (650°C), but is slightly lower at 1300°F (704°C). As may be
- expected, creep fracture in both alloys 2562 and 253 was found to be caused by intergrannular
separation. '

"TABLE 66. CREEP RUPTURE PROPERTIES OF PHASE III ALLOYS

Temperature Stress Fracture Time El RA
°F kei (MPa) hr % %
Alloy 252
1200 4 343 2 50
2
40 (276) 467 27 42
50 398 18 21
345
50 (345) 310 20 25
60 102 16 13
413
60 413) 108 13 14
1360 35 169 21 16
241
3b @241 202 23 18
40 75 23 15
2
40 (276) 82 25 20
50 15 22 38
345
50 (345) 24 18 20
Alloy 253
1200 40 94 7 4
2
40 (276) 110 4 3
50 80 8 5
345
50 (345) 78 5 4
60 51 7 5
4
g W 38 4 4
1300 30 (207 57 7 8
35 40 13 11
241
35 (241) 35 11 7
40 29 8 5
27
40 (276) 35 7 6
- ~450C
253
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TABLE 67. ONE-HUNDRED-HOUR RUPTURE STRENGTH" :

ksi (MPa)
Alloy 252 253  A286
1200°F 60 ® e
(650°C)  (413) 276, (420)
1300F 38 % 44 " o .
(104°C)  (262) (172) __ (303)
7480C

Transmission electron microscopy was performed on alloy 252 after creep testing at 1200°F
(650°C) for 100 hours. Figure 196a shows that considerable coarsening of the perovskite carbide
had occurred during the test. Further, the fine perovskite carbide: matrix interface is no longer
coherent which is apparent from the formation of the interfacial dislocations as shown in
Figure 196b. The interfacial dislocations were determined to be of pure edge type with spacing of
about 80A. Analysis of dislocations in the austenitic matrix was unsuccessful because of the
small spacing between the fine perovskite carbide particles. However. analysis was conducted on
dislocations observed in the large perovskite particles, Figure 197. The dislocation systems were
determined to be { I11L <011> with a mixed character. Evidence of dislocation pairing
(shown by an arrow in Figure 197 was also observed.

Fracture Toughness

The fracture toughness of alloys 252 and 253 was determined at room temperature using the

slow bending technique, and results are given in Table 68. As may be expected from the

- brittleness of these two alloys at low temperatures, the plane strain fracture toughness was found
to be relatively low, two to three times lower than superalloys.

Fatigue Propertias

LR I .

Fatigue tests were conducted on alloys 252 and 253 at room temperature using cylindrical
specimens with smooth gage sections and at u stress ratio R {(minimum stress: maximum stress)
of 0.1 and a frequency of 1 cycle per second. Results, given in Figure 198, show that the fatigue
properties of the present alloys are comparable to the austinitic stainless steel of type 304 ’
‘fatigue data of A286 at similar test conditions were not available for comparison). The fatigue '-1
fracture of alloys 252 and 253 was found to he rather similar to tensile fracture at low '
temperatures which occurred intergrannular, Figures 199 and 200. The relatively low fatigue

strength of these two alloys could be related to the ease of grain boundary cracking at low
temperatures.

The fatigue crack growth behavior of alloys 252 and 253 at room temperature. R=0.1 and

1 Hz, is sLown in Figure 201. Relative to A286, the present alloys showed poor crack growth
ch¢ -acteristics.

Dynamic Elastic Modulus and Density

The physical data used for calculating the dynamic elastic moduli and density are given in
Table 69. The measured densities for the alloys are generally lower than iror.-base superalloys, by
15% when compared with A286. The dynamic moduli calculated from the resonance frequency
measurernents are tabulated in Table 70. The dynamic moduli for alloy 252 were found to be
considerably higher than those of alloy 253. In general, the elastic moduli for both alloys are
lower than those of iron-base superalloys by 10 to 20% in the temperature range studied.
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Figure 196. (a) General Microstructure of Alloy 252 After Creep Testing at 1200°F (650°C)
for 110 hours g = [020]. (b) Detailed Appearance of the Fine Perouskite
Carbide Particles Showing Presence of Interfacial Dislocations, g ={020]
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Figure 197. Dislocations in the Large Perovskite Carbide Part'cles of Alloy 252 After Creep
. Testing at 1200°F (650°C) for 110 hours. Arrow Indicates Paired Dislocations,
g = [200]

TABLE 68. FRACTURE TOUGHNESS OF AUSTENITE-PEROVSKITE ALLOYS AT
ROOM TEMPERATURE

Alloy Kic, ksiv/in. (MPay/m )
252 19.5, 21.7, 26.3, 29.6
(21.4, 23.8, 289, 32.5)

253 12.4, 165, 179, 19.1
(13.6, 17.0, 19.7, 21.0)
T4C

Thermal Properties

The mean thermal expansion of alloys 262 and 253 as a function of temperature are given in
Table 71, and shown plotted in Figure 202. The dimensional changes with temperature in alloys
252 and 2563 were found to be larger relative to both austinitic stainless steels and the iron-base
superalloy A286, Figure 202.
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Figure 198. Stress vs Number of Cycles to Failure for Alloys 252 and 253 Fatigue Tested
at Room Temperature. R=0.1 and 1 Hz. Corresponding Data for an Austenitic
Stainless Steel Type 301 Are Also Included for Comparison
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Figure 199. Fatigue Fracture of Alloy 252 of 70F (20C). (a) Sectional View Showing
Formation of Cracks in Large Perouskite Carbide Particles at Grain Boundary
(b) Appearance of Fracture Surface
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Figure 200. Fatigue Fracture of Alloy 253 at 70F (20C) (a) Sectional View Showing
Intergranular Fracture (b) Appearance of Fracture Surface
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Figure 201. Fatigue Crack Growth Rates of Alloys 252 and 253 at Room Temperature,
Stress Ratio of 0.1 and Frequency of 1 Hz. Corresponding Data for A286 Are
Also Shown for Comparison

TABLE 69. PHYSICAL DATA FOR CALCULATION OF DENSITIES AND ELASTIC
MODULI OF
ALLOYS 252 AND 253

Spe;:ific

Diameter Length Weight Weight

Alloy in. in. m tbjin3
252 0.5002 4.3224 93.708¢ 0.2432
263 0.5001 4.6446 99.5387 0.2405

480C
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TABLE 70. DYNAMIC MODULUS DATA AT ROOM AND ELEVATED
TEMPERATURES FOR
| ALLOYS 2562 AND 253
b
Temperature Alloy 252 253
°F (106 psi) (10° psi)
70 25.68 23.00
. 70 25.57 23.02
70 25.58 23.01
Avg. 25.58 23.01
) 400 24.18 21.67
400 24.18 21,67
400 24.18 21.87
Avg. 2418 21.67
800 22.08 19.82
800 22.08 19.82
800 22.08 19.82
Avg. 22.08 19.82
1200 19.90 17.94
1200 19.93 17.98
) 1200 19.90 17.95
; Avg. 19.91 17.96
A
A 1300 19.27 17.41
1300 19.2¢ 17.43
1300 19.28 1743
1 Avg. 19.27 17.42
e — 7450C
K
!
! TABLE 71. MEAN COEFFICIENT OF THERMAL EXPANSION (70° TO TEMP.) X
{ 10-4F
Alloys
Temperature 252 253 A286*
400 8.34 8.07 9.35
600 9.41 9.04 947
800 10.06 9.68 9.64
1000 10.52 10.21 9.78
1200 10.84 10.63 9.88
1400 11.10 10.94 10.32
1600 11.35 11.25 —
1800 11.55 11.58 —
2000 11.79 11.89 -—
2100 — 12.01 —
* Nickel Base Alloys INCO Data Book,
1964
7450C
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Figure 202. Thermal Expansion Characteristics of Allays 252 and 253. Corresponding Data
for Austenitic Stainless Steels and A286 Are Included for Comparison
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CONCLUSIONS — TASK W

1. A n=w class of precipitation hardened alloys based on the Fe-Mn-Al-C aystem was identified.
These alloys consist of an austenitic matrix with an ordered and semi-coherent perovskite
carbide precipitate (Fe, Mr); AIC,.

2. It was dhown. that the microstructure and mechanical properties of the austenite-perovskite
alloys could be significantly changed by heat treatment and alloying modification. Alioys
with tensile and creep strengths equivalent to iron-base superalloys were identified.

. 3. The current austenite : perovskite allovs have mechanical property deficiencies at ambient
temperatures including ductility, fracture toughness, and fatigue cracking characteristics.

4, Future work should concentrate on defining compositions for optimum properties.
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