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-1‘// The results obtained on six research projects

©v

Executive Summary

undertaken within the framework of the DARPA/ONR sponsored
research program on rapidly solidified alloys are reported
in this progress report. Each of the six topics has been
prepared in the form of manuscripts which have been
submitted and/or accepted for publication in a scientifi

N!?B'bi“,m ;"":3(.,1
journal. The manuscripts deal with microstructure/(de—6i

Y MAV
alloys), phase relationships of icosahedral a110§1‘t£14255b/ 4}

Sievek/ < PPPER ?,
alloys), microsegregation (Ag=Cu-alloys), crystallization of. {
ALum Nt/ MANGLA Mt i

the icosahedral phase ( alloys), x-ray and electron
studies of quasicrystals (Al-Mn-Si alloys) and phase
equilibria studies (Al-Mn alloys). This research has

contributed important data and concepts dealing with rapidly

solidified alloy systems.
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Microstructural Characterization of Rapidly Solidified Nb-Si Alloys
L. Bendersky*, F. S. Bfancaniello, W. J. Boettinger
Metallurgy Division
National Bureau of Standards
Gaithersburg, MD 20899
and
J. H. Perepezko
Department of Metallurgical and Mineral Engineering

University of Wisconsin-Madison
Madison, WI 53706

Summary

Rapidly solidified alloys of Nb-Si containing between 12 and 25 at% Si
have been examined by analytical electron microscopy to identify the phases
present and the solidification path. The phase Nb3Si is absent either as the
equilibrium tetragonal phase or the Al15 phase. Glass formation is observed
in high Si alloys but is difficult and observed only near the chill side of
melt spun ribbons. The most commonly observed microstructure consists of
fine grain mixtures (15-100 nm) of a-Nb and NbgSi3. The observed micro-
structures are shown to be consistent with the metastable phase diagram and
To curves for the Nb-Si system.

1. Introduction

Liquid Nb and Nb-based alloys can undercool up to 525 K (0.19 Ty) prior
to nucleation in relatively large samples (0.3 gm) at relatively slow cooling
rates [1,2]. This tendency combined with rapid quenching should make Nb
alloys an ideal candidate for significant microstructural modification by rapid
solidification.

Nb-Si alloys have been of considerable interest because of the possibility

of forming the compound Nb3Si with the A15 structure with its predicted high

* Also with Center for Materials Research, The Johns Hopkins University,
Baltimore, MD 21218.

ARG N e S N e

i
S g

o
s

o
Pt A

A

T

% ‘e - - -
IR

¥ . " Py
RN OMNAE KA N o i RSB



T I W W W T W W W W T " sy

superconducting transition temperature. Such a phase, would be metastable
since equilibrium Nb3Si has the tetragonal Ti3P-type structure (a = 1.021 nm,
c = 0.519 nm; P4y/n) [3]. It fs known that the Al5 structure can be made
by devitrification of amorphous Nb-Si alloys especially when stabilized by
high-pressure [4-6]. However, reports of the Al5 structure in melt-quenched
Nb-Si alloys are subject to some controversy [5,7-9]. Phase identification
in this alloy system is complicated by the fact that another equilibrium
intermetallic compound in this system, NbgSi3, is also tetragonal with
parameters very close to the tetragonal Nb3Si (a = 1.003 nm, ¢ = 0.507 nm,
14/mcm) [10]. The purpose of this study is to detajl the microstructure of
melt-spun ribbons of several Nb-Si alloys by analytical electron microscopy
(AEM) characterization with the emphasis on identifying the phases present
and understanding the solidification path.
2. Experimental

The melt spinning of refractory alloys requires special techniques for
alloy melting. One technique [11] uses a non-consumable electrode arc melter
with ejection of metal onto the spinning wheel through a small hole in the
cold copper hearth by a pressure differential. We have employed a simpler
method which uses a standard quartz crucible (shooter) coated with a Zr0p
mold wash and an RF levitation coil for specimen heating. With this device
small samples are levitated just above the shooter orifice with minimum
contact with the quartz. Simultaneous power shut down and helium pressure
application ejects a melt stream onto the spinning wheel in the usual manner.
An 8.9 cm diameter Cu wheel with a linear velocity of ~24 m/s was used to

produce ribbons 1-2 mm in width and 20-30 yn in thickness. By this technique,

three compositions were melt-spun and investigated: Nb-12.1 at¥% Si (Nb-4 wt%




§§ Si), Nb-20 at® Si (Nb-7 wt% Si) and Nb-25 at% Si (Nb-9 wt% Si). The eutectic

composition between a-Nb solid solution and Nb3Si is 18.7 at% Si [12].

Die to the brittleness of the melt spun material, ion milling was used

";§: for TEM specimen preparation. The microstructure of the melt-spun ribbons
- generally shows inhomogeneity with respect to the distance from the wheel
:?4 side [13]. Accordingly, two kinds of TEM specimens were prepared: one by
. milling from both sides of the ribbon and representing the microstructure
: &h approximately in the center of the ribbon, and the second by milling from the
fﬁ top side of the ribbon and representing the microstructure near the wheel side
o of the ribbon. The foils were examined in an analytical electron microscope.
§i In addition to the general observations and the microdiffraction analysis in
TEM mode, chemical microanalysis (EDX) in the STEM mode was performed.
Eg 3. Results
3.1 Microstructure of Nb-25 at% Si alloy (hypereutectic composition)
"i For this composition, a significant difference in the microstructure has
o been found between the wheel side and center of the melt-spun ribbons. The
2; wheel side shows an amorphous layer which changes to a fine grain microcrystalline
!’ structure with increasing distance from the chill surface. Figure 1 shows a
* typical micrograph of the structure near a perforation in the TEM foil with
Cﬁ selected area diffraction patterns (SADP), positioned under the areas from

which they were taken. The sequence of SADP's from the thinnest area (foil

5& edge on the left side of the micrograph) to the thicker areas shows a change
from an amorphous diffraction (diffuse rings) to a polycrystalline diffraction.
£§ Chemical EDX analysis confirms that the glass has the same composition as the
" bulk alloy. In a wedge shaped foil microstructural changes 1.ormal to the

ribbon surface (or to the TEM foil in our case) appear as lateral changes
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because the image on the micrograph and diffraction patterns results from the l
projection of different layers on the imaging plane. The schematic drawing

in Figure 1 shows the presumed microstructural variation along the normal to i
the ribbon surface. The size of the crystalline grains varies from 15 to 100
nm, as a function of distance from the chill surface. Microdiffraction
analysis shows that the finest grain region is a mixture of a-Nb and NbgSij
grains. However, it is possible that some of the intermetallic grains are
Nb3Si (TijP-type), since microdiffraction under strong dynamical diffraction

conditions could show similar patterns for these two tetragonal phases which

have almost the same unit cell size. Chemical EDX analysis was impossible
for such small grains. For a larger grain size (~0.1 ym), the identification
was unambiguous.

Figure 2a shows the microstructure observed near the ribbon center (after
two-side ion milling). The microstructure consists of fine randomly oriented
equiaxed grains (see SADP, Figure 2b). Two types of grains can be recognized:
one, with uniform contrast and mostly convex grain boundaries (Type 1), and
the other with mottled contrast and some concavity of the grain boundaries
(Type 2). The convexity of the Type 1 grains suggests that they solidify
before the Type 2 grains. The size of both kinds of grains is of the order
of 0.1 um, Chemical EDX analysis of Type 1 grains using a 10 nm probe produced
a spectrum identical to one obtained from a large grain of NbgSi3 phase
produced in a well annealed sample, Analysis of Type 2 grains produced a
spectrum containing little Si (Figure 3). Microdiffraction taken from Type 2
grains fits the n-Nb BCC phase (Figure 4a). Microdiffraction from Type 1
grains fits the NbgSi3 phase not only by the geometry of the pattern, but also

by the spot intensities. For example, Figure 4b shows a pattern, identified
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as the [173] zone axis of NbgSij, where the 330 reflection is stronger than
110 and 220, in agreement with the x-ray data from the literature [10]. For
NbySt phase the 110 refiection is forbidden, and even under conditions of
dynamical diffraction the 220 reflection is expected to be stronger than
either the 110 or 330. The mottled contrast of a-Nb grains appears to be a
result of damage from ion milling [13]. The same contrast was observed in
the a-M phase in ion milled samples which were prepared from cast and
annealed alloys. Therefore, we conclude that the microstructure consists
of two phases, a-Nb and NbgSij.

Large grains of NbsSi3 phase (~2 ym) were occasionally found surrounded
by a mixture of fine grains. Optical metallography of ribbon cross-sections
shows that these grains are of dendritic morphology and mostly occur in the
upper part of the ribbons. Dendritic growth of NbgSi3 would be expected for
this alloy composition under conventional solidification conditions.

3.2 Microstructure of Nb-20 at% Si alloy (hypereutectic-close to eutectic

composition)

The microstructure on the wheel side of the ribbons for this composition
is similar to the Nb-25 at% Si alloy at the same location - amorphous layer
followed by microcrystalline mixture of ~-Nb and NbgSi3. However, the central
part of the ribbons exhibits a completely different microstructure. Figure 5a
shows the typical microstructure consisting of faulted grains with an embedded
second phase. The matrix phase was identified as Nb5Si3. (The diffraction
pattern in Figure 5b shows the [173] zone axis orientation, where the appearance
of the strong 330 reflection rules out the possibility of the TijP-type phase.)
The matrix is divided into s1ightly misoriented subgrains, elongated normal
to the fault planes, and the misorientation can be clearly seen from the
inclination of faults and from SADP's.' The second phase was found to be a-Nb.
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(Figure 5¢ shows a microdiffraction pattern of the [012],.np zone axis
orientation.) Observations at different orientations indicate that the ~-Nb
particles have a rod-1ike morphology with an interrod spacing of ~40-50 nm.
Hence, we conclude that the microstructure is a rod eutectic of NbgSi3 and -Nb.

3.3 Microstructure of Nb-12 at% Si (hypoeutectic composition)

At this composition, no difference in microstructure was observed between
the wheel siue and the center of the ribbons. The microstructure shows a
transverse section of dendrites of a-Nb phase with an interdendritic second
phase of NbgSi3 (see Figure 6). Usually the NbgSi3 phase appears to be continuous,
separating the a-Nb dendrites. But in some regions an interlocking structure
of the two phases was observed between the dendrites.
4, Discussion

Three features of the microstructure of the Nb-Si alloys merit discussion:

the absence of the equilibrium tetragonal NbySi phase, the extremely fine
grain structures of a-Nb and NbgSi3, and metallic glass formation near the
wheel side. The AlS Nb3Si phase was not observed in the present study.

Absence of tetragonal Nb3Si phase - A common occurrence in RSP is the

absence of a phase which according to the equilibrium diagram should be
present. When a phase has difficulties in nucleation and/or growth, the phase
selection is governed by a metastable phase diagram [14]. Such a diagram is
constructed from the equilibrium diagram [12] in Figure 7 where the NbgSij
(designated y) liquidus extends below the L + NbgSi3 » Nb3Si peritectic
isotherm and intersects the a-Nb liquidus to form a metastable eutectic

L + a-Nb + NbgSi3. For alloys near a peritectic reaction, solidification

of the high temperature phase, in this case NbgSi3, can continue below the

peritectic temperature while the remaining liquid develops only slight undercooling
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with respect to the low temperature phase, in this case Nb3Si. This is
especially true when the two l1iquidus curves are nearly parallel. Hence
phases ordinarily formed by peritectic reactions may often be absent in RSP
microstructures,

Further rational for the absence of the tetragonal Nb3Si phase is obtained
by examining the shapes of crystals grown under slow cooling conditions.

The Nb3Si phase grows as strongly facetted idiomorphs, while the NbsSij3 phase
grows as smoothly curved dendrites with only occasional facets [3]. Facetting
usually indicates difficult atomic attachment kinetics at the liquid-solid
interface. Under rapid quenching conditions, growth competition between

Nb3Si and NbgSi3 will be won by NbgSiz. This phase is seen to dominate in

the observed microstructures.

The observation of a rod eutectic structure of a-Nb and NbgSip in the
center of Nb-20 at% Si ribbons is also consistent with the absence of the
tetragonal Nb3Si phase. Figure 7 indicates a metastable eutectic for these
phases at about 20 at% Si. In many alloys eutectic microstructures are observed
at off-eutectic compositions at moderate growth rates due to a shift in the
coupled zone [15] toward the phase of the eutectic which shows a more pronounced
tendency for facetting. In the present case NbgSij, although less facetted
than Nb3Si, is more facetted than n-Nb. Hence the eutectic structure is
observed on the Si-rich side of the eutectic composition. The eutectic
spacing of 30 nm is extremely fine and approaches the minimum spacing observed
in other eutectic microstructures [16,17]. This minimum corresponds to a
growth rate maximum for eutectic microstructures in the range of 1-10 cm/s

[18]. C(Closer to the wheel surface the imposed solidification velocity apparently

exceeds this maximum and the eutectic structure is not observed.
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Fine grain structure of o-Nb and NbgSiy - A useful method for examining 1

the thermodynamic options available to an alloy undergoing rapid solidification
is to examine the Ty curves for the various liquid to crystal transformations
in a system. Schematic Ty curves are included for the a-Nb and NbgSij (vy)
phases in Figure 7. A T, curve places a bound on temperatures and compositions
where partitioniess solidification is possible. Regardless of how rapidly an
alloy is quenched, a range of compositions may exist between adjacent T,

curves where partitionless solidification is impossible and crystal growth
must involve the more difficult process of diffusional solute redistribution
into a mixture of solid phases [19]. Because of this difficulty, glass
formation is most likely in this range. Due to the limited equilibrium range
of composition of NbgSi3 compared to a-Nb, the range of compositions is

likely centered at hypereutectic compositions as indicated. The two phase
mixture of fine equiaxed grains of a-Nb and NbgSi3, as well as the region

of glass formation, observed for the 20 and 25 at% Si alloys are consistent

with this range of compositions. In this range the structures are two options

which thermodynamics permits. Partitionless solidification of Nb-12 at% Si
alloy may or may not be possible depending on the precise T, location. It
was not observed however in the present experiments.

The fine two phase grain structure clearly involves copious nucleation.

Although a detailed understanding of this process is not yet possible, one factor

which can increase the opportunity for high nucleation rates is found in the '
relatively slow growth rates for crystals which require solute redistribution.
Simple estimates for grain size produced during isothermal transformations ‘

involve a ratio of nucleation rate to growth rate. For a fixed nucleation

rate, slow growth rates decrease grain size. Alternately, during continuous
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cooling the rate of recalescence after the initial nucleation event depends
!! on the crystal growth rate. If it is slow, the melt may be undercooled
o further permitting a rapid rise in the nucleation rate [20].
& A good portion of the interest in RSP has been focused on the novel
%? microstructures associated with the solidification of non-equilibrium phase
- structures. There have been numerous reports on the formation of supersaturated
E; solid solutions, metastable intermediate crystalline phases and metallic
. glass. Indeed, most of the previous work dealing with rapid 1iquid quenching
Fi of Nb-Si alloys has involved efforts to synthesize the metastable Nb3Si (Al5)

phase either during solidification directly or indirectly by devitrification

.
E 4
-’

of an amorphous product. However, the fine two phase grain structures

b oy
-~ h "]
-

N

lf developed during the melt spinning of Nb-Si alloys indicate that another
pattern of a metastable microstructure is accessible in the form of very high

grain densities of the equilibrium phases which were observed to vary from

e
L]

10'8 m-3 to 1021 m-3. A high density of grains for a two phase mixture is
metastable due to a high incoherent interphase boundary area. For example,

with a grain size of 0.12 um and an interphase boundary energy in the range

il A7

of 500-1000 mJ/md that is typical for incoherent interfaces, the excess free

energy due to the polycrystalline grain structure is in the range of about

s

120-250 J/mole. However, for the ultrafine grains with size of 0.015 um the
Thus,

free energy increment increases to the range of about 800-1600 J/mole.

~

with ultrafine grains the level of metastability is comparable to that

‘i), =
Wi
kl ;i associated with non-equilibrium crystal structures,
5. " The devitrification of an amorphous phase is a fairly well-recognized
\.l
5 approach to the production of very fine grain sizes. During such treatments
)
ig it appears that either the growth of "quenched in" nuclei or the volume
2
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nucleation of crystals during heating can yield grain sizes of the order of

0.01-0.1 ym. Often, it has been observed that the crystallization steps

associated with the devitrification process can also involve one or more

metastable phase products. With each stage the product phase grain size can

e

increase so that the initial fine sizes are not retained as the reaction

=)

reaches the equilibrium phase products. In addition, the attainment of an
equiaxed grain structure resulting from an isotropic growth is restricted to

a polymorphic type of crystallization reaction. In this sense, the equiaxed

two phase ultrafine grain structure that is established during melt spinning

in Nb-Si alloys represents a distinct microstructural pattern of non-cooperative

growth that is not readily achieved by a devitrification treatment. However,

due to the gradient in solidification conditions through the ribbon cross

' x!-:

section during melt spinning, the ultra fine duplex phase region is restricted

in extent. Other processing methods, such as rapid solidification of powders

which can provide a more uniformly undercooled sampie, may allow for the
production of a more extensive ultra fine two phase structure region.

Metallic glass formation - In the Nb-Si system the conditions for o

amorphous phase formation during melt spinnng are marginal. Based upon the

reported temperatures [4,5,8,9]) of about 600°C for devitrification of Nb-Si

e 331

glasses in the range of 18-25 a/o Si, Tg/Ty < 0.31 while good glass forming

alloys typically exhibit Tg/T; values of 0. 5-0.6. Only in a restricted

L= |

region within about 0.5 uym of the wheel was any amorphous zone observed.

Even in this zone the amorphous phase contained extremely fine crystallites.

;<

Glass formation at the very high undercooling in the presence of the prolific

nucleation suggests that kinetic difficulties in maintaining a high rate of

e ¥

diffusion controlled growth can be important in glass formation.
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The observation of ultra fine grains adjacent to the glassy layer in Nb-
I' 9wt% Si indicates that transient nucleation effects play an important role in

vitrification. As noted, the diffusional growth limitations that restrict

ay

the solidification rate for eutectic products will also yield ultra fine
grain duplex structures. Further, the steep grain size transition from
0.0l ym to 0.1 um across the ribbon also suggests that the finest grains are
forming under relatively sluggish diffusional kinetics. The same diffusional

growth difficulties will also inhibit the full development of the steady

I < <

state cluster size distribution that controls the evolution of crystal nuclei.

W

When non-steady state cluster formation is included into the calculation of

e

the cooling conditions to bypass crystallization, Kelton and Greer [21] have

shown that the critical cooling rate for glass formation can be reduced by an

0
’J“

t> order of magnitude or more. For a marginal glass forming alloy System such
i‘ as Nb-Si these considerations are important in understanding glass formation

and also the development of an ultrafine duplex grain structure, but an
assessment of the magnitude of the non-steady state effects requires quantita-

tive kinetic measurements which are not available at this time.
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Figure 3.
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Figure 5.
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Figure Captions

Microstructure of Nb-25 at ¥ Si near TEM foil edge (left side of the
micrograph) for specimen polished from one side. Selected area
diffraction patterns (SADP's) are positioned under the areas from
which they were taken. On the bottom a schematic drawing shows the
presumed microstructure across the ribbon.

Microstructure of Nb-25 at% Si for specimen polished from both
sides SADP (b) shows random orientation of equiaxed grains of two
phases (type 1 and 2, marked on the micrograph (a)).

EDS X-ray spectrum from type 1(a) and type 2(b) grains of Nb-25 at%® Si
alloy.

Microdiffractions taken_from (a) type 2 grain (8 = [111] of a-Nb);
(b) type 1 grain (B= [113] of NbgSi3 phase). Note the strong 330
reflection in (b).

Microstructure of Nb-20 at %Si for specimen polished from both sides.
The faulted matrix is NbgSiy phase as shown by the SADP (b) at the
zone axis orientation B = [fT3]. The second phase is a-Nb as shown
by microdiffraction (c) of the [012] zone axis orientation.

Microstructure of Nb-12 at %Si showing transverse section of a-Nb
dendrites with an interdendrite second phase of NbgSi3. Right side
of the micrograph shows an interlocking structure of ghe two phases.

Phase diagram for Nb-Si showing metastable extension of NbgSij
(i.e., v) liquidus to form a metastable eutectic L + a-Nb + NbgSij.
This extension is relevant when the Nb3Si phase is absent. Also
shown are approximate T, curves for the transformation of 1iquid

to a-Nb and to v.
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Metallurgy of Phase Relationships of Icosahedral Al-Mn

R. J. Schaefer, L. A. Bendersky, D. Shechtman, W. J. Boettinger and
F. S. Biancaniello

ABSTRACT

The solidification conditions leading to the formation of the icosahedral
phase in Al-Mn alloys have been investigated, using samples prepared by melt
spinning and electron beam surface melting. It is found that the icosahedral
phase can grow with a range of compositions, but that it grows in competition
with another metastable phase which is decagonal. Both of these phases can
displace the equilibrium intermetallic phases by nucleating ahead of them in
the melt when the solidification velocity is greater than a few centimeters
per second. The relative abundance of the icosahedral and decagonal phases
varies with composition and solidification rate. Icosahedral crystals in
electron beam melt trails are often about 25 ym in diameter, and they grow
dendritically along a preferred crystallographic direction.

R. J. Schaefer, W. J. Boettinger and F. S. Biancaniello are in the Metallurgy
Division, Institute for Materials Science and Engineering, National Bureau of
Standards, Gaithersburg, MD 20899,

L. A. Bendersky is in the Center for Materials Research, The Johns Hopkins
University, Baltimore, MD 21218, and is a guest worker at NBS.

D. Shechtman is in the Department of Materials Engineering, Technion, Haifa,
[srael, and is a guest worker at NBS.
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&Q Metallurgy of Phase Relationships of Icosahedral Al-Mn

by

; R. J. Schaefer, L. A. Bendersky, D. Shechtman, W. J. Boettinger,
3. F. S. Biancaniello

4 [. Introduction

<A

The icosahedral phase (1) which has been reported in aluminum-manganese

["

\ alloys is readily formed by rapid solidification. This phase exhibits an

.

?f electron diffraction pattern which has sharp spots, but it has a five-fold

;5 symmetry which is not consistent with crystal lattice translations. During

~. rapid solidification, the icosahedral phase grows dendritically and competes

}ﬁé with several other stable and metastable phases for dominance in the micro-

g; structure., The material thus produced is typically compositionally segregated

i, and even multiphase. Hence, it is generally not adequate for bulk property

Eé measurements of the icosahedral phase. Because the icosahedral phase in the

.5. Al-Mn system is metastable, it is not possible to obtain single phase specimens

‘~ by long anneals at an appropriate temperature and composition. In this paper

:Eﬂ we report the microstructure and growth behavior of the icosahedral and

gé associated phases as a function of alloy composition and solidification

fg conditions,

?2 Many different intermetallic compounds have been reported in Al-rich Al-Mn
\

G alloys (2,3,4) and some compounds previously considered to be stable have

e

subsequently been reported to be metastable (5). It is clear that the attain-

-
o ‘.'a

> ment of equilibrium is extremely sluggish and that the primary solidification

: phase expected on the basis of the phase diagram may be easily replaced by ii
i another of the equilibrium phases or by a metastable phase (6). All phase

:‘E diagram authors agree, however, that in the Al-Mn system a series of inter- '.'jf
EE metallic compounds forms by peritectic reactions. Figure 1 represents a B
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orientation textures which were believed to be present for the «-Al but
l' not for the other phases. Nonetheless, the trends with composition as shown

in Figure 1 could be clearly distinguished. At Mn concentrations of 30 wt%

T RS YT« 1"
[}
.

o or more it was found that the very fine flakes had a phase distribution which
differed from that of the normal ribbon segments, and it is assumed that the
former solidified more rapidly. The phases referred to in the figure are
described in more detail below.
1. Aluminum (a )

The equilibrium limit of solid solubility of Mn in Al is approximately
1.6 wt¥ but this solid solubility can be greatly extended by rapid solidification
(9). We previously reported observations of the microstructure of melt-spun
ribbons containing up to 15 wt% Mn in solid solution {10). At higher Mn
contents, the icosahedral phase appears but a-Al is still found to be
present, At 25 wt% Mn, which is close to the stoichiometric composition for
AlgMn, a-Al is still strongly present in the x-ray diffraction patterns but
in TEM pictures much of it is hidden between the arms of the icosahedral
dendrites. «-Al is still detected by x-ray diffraction in a ribbon containing

30 wt% Mn but it is not seen in a ribbon with 33.7 wt% Mn.

The manganese content of the ~-Al present in melt-spun samples can he
deduced from lattice parameter measurements. Figure 3 shows the measured d
spacing of the (111) plane of Al in ribbons of different comp sitions. The
values shown in this figure have been calibrated by the use of Si powder
mixed with the sample. For ribbons containing up to 18 wt% Mn, the d spacing
decreases steadily with composition, as is well established for this super-
fj saturated solid solution. In ribbons of higher composition, where the icosa-

hedral phase is present, the d spacing of the Al (111) planes rises back to a

!
)
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value indicative of a manganese content of less than 4 wtf. Thus in these

samples the icosahedral phase must be growing with a manganese content greater Ei
than the average composition of the alloy, leaving the intercrystalline ..
liquid depleted in manganese. ¥
The 15 and 18 wt% Mn ribbons both show Al (111) peaks which are split, -
indicating two different concentrations of solid solution, together with weak "ﬁ
diffraction peaks from the icosahedral phase. These ribbons appear to contain Sa
some regions which are supersaturated solid solution and other regions which =
contain icosahedral phase plus manganese-depleted aluminum. These different gﬁ
regions reflect the point-to-point variations of solidification conditions ;
within the ribbons, which become evident only when these conditions are near ig
the limit for one of the modes of solidification, §§

3

2. Icosahedral Phase

The icosahedral phase is present in some regions of ribbons with as little

as 15 wt% Mn and it increases in abundance as the Mn content increases. In

the very thinnest flakes, the icosahedral phase reaches its maximum abundance

Fe]

at 33.7 wt% Mn, where it is accompanied by a small amount of the decagonal phase

(2

(described below) but no detectable Al. At still higher Mn concentrations the

decagonal phase rapidly gains in abundance. In thicker ribbons the icosahedral

3
phase is replaced by decagonal phase at lower Mn content, and none is seen at Lg
compositions above 33 wt% Mn (see Figure 1). L

The d spacing of the most strongly reflecting planes of the icosahedral -

o

phase also changes as the composition of the bulk alloy changes, as is shown 33
in Figure 4. This shift indicates that the icosahedral phase itself can <
exist over a range of compositions, but the actual composition of the icosahedral :\
material in each alloy is not known. Ea
5 .
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The microstructure of the icosahedral phase has been described in detail
elsewhere (11). Figure 4 shows a typical icosahedral crystallite, which is
easily recognized by its mottled appearance and coral-like branches with little

evidence of preferred crystallographic growth directions. The crystallites

have grown radially outward from independent nucleation sites with little if
!! any tendency toward a columnar directional growth due to temperature gradients.
s A somewhat different dendrite morphology is observed in electron beam melted
Ly
»

alloys of lower composition, as will be described below.
2 3. AlgMn

This well-characterized equilibrium phase (12), with a stoichiometric
Es composition of 25.3 wt% Mn and an orthorhombic structure, is seen in melt-
spun ribbons only if they were unusually thick as a result of abnormal

processing conditions such as a low wheel speed. In these cases it totally

ii displaced the icosahedral and decagonal phases: no ribbons were seen in
which AlgMn occurred together with the metastable phases, so the transition

1 from orthorhombic to quasicrystal apparently occurs within a narrow range of
processing parameters,

!! AlgMn forms a eutectic with a-Al, which on the phase diagram lies at

- 1.8 wt% Mn and 658°C, only 2°C below the melting point of pure Al, It has

“ been shown {13) that with increasing growth velocities, coupled eutectic growth

= occurs at higher manganese concentrations, but the range of composition and

" growth rate conditions under which coupled growth occurs appears to be very

3& narrow, because eutectic microstructures were not observed in the present

. experiments.

4. Alghn

The Al4Mn phase has been reported to be hexagonal with a large unit cell

:‘ Et N n..')
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(c = 12.4 A, a = 28.4 A), but no further details of its structure are available.
Conflicting opinions oﬁ its range of stability have been reported (3,5).

This phase was not seen in melt-spun ribbons except after high-temperature
equilibration anneals. A ribbon containing 30 wt% Mn was mostly AlgMn after

a 24 hour anneal at 675°C: this sample formed the basis for the diffraction
pattern shown in Figure 2.

4, Decagonal Phase

An additional metastable phase appears in melt-spun ribbons containing
30 or more wt¥ Mn. This phase is highly faulted, has a complex electron
diffraction pattern, and is apparently identical to a phase previously (10)
detected in annealed A1-5 wt% Mn ribbons and designated "T" phase. In melt-
spun material containing 30 or more wt% Mn the decagonal phase is especially
prominent in thicker ribbons, which probably solidified more slowly than
thinner ones of the same composition. The thicker ribbons of 35 and 37 wt%
Mn alloys were single-phase decagonal.

The decagonal phase is recognizable by its highly faulted structure as
well as its blocky form (Figure 5). 1Its close crystallographic relationship
to the icosahedral phase, as revealed by electron diffraction and high-resolution
microscopy, has recently been described (14,15): it has been shown to be a
quasicrystalline phase with a 10-fold symmetry axis and a one-dimensional
translational periodicity along this axis. In several specimens it was found
that the decagonal phase had grown expitaxially on the icosahedral phase.

B. Electron Beam Surface Melts

Figure 6 summarizes the primary phase found in the various electron beam

melt scans at different velocities and alloy compositions.




B B

1. Intermetallic Region

At higher manganese contents and low scan velocities, the melt scans
solidify by primary growth of large intermetallic plates or needles. In
optical micrographs these frequently seem to have a coating of a second

intermetallic phase, in a microstructure characteristic of peritectic alloys.

il Y EE

Figure 7 shows an example of such a microstructure in an A1-25 wt% Mn alloy

]

scanned at 0.25 cm/s. At slightly higher scan velocities (> 2.5 cm/sec)

P

the primary crystals often form bundles of platelets with progressively finer

5

scale as the velocity increases (Figure 8). These platelets also seem to

have a coating of a second intermetallic phase, but TEM analysis of several

B2

of them revealed both the platelets and the coating to be AlgMn. Although

the intermetallics can sometimes be recognized by morphological features,

>

most of them have not been positively identified in the optical micrographs

and they are labelled merely as intermetallics in Figure 6,

2. Aluminum Region

53 At relatively low Mn concentrations and high scan velocities, cellular
primary Al, highly supersaturated in Mn, is formed, Figure 9 compares electron
!! beam melts of an A1-14 wt% Mn alloy at scan rates of 1, 2.5 and 5 cm/s,
iﬁ showing the change with increasing scan rate from a dense array of AlgMn
% dendrites to scattered AlgMn dendrites to (unresolved) cellular aluminum.
E; 3. Icosahedral Phase
The icosahedral phase dominated the melt zone of electron beam scans at
Sf 200 cm/sec, for alloys containing 22 or more wt%¥ Mn. It most frequently had
I ) the form of equiaxed crystals, indicating that just as in the melt spun ribbons
'g' %h it formed from separate nucleation centers and then grew radially outward.
!;; ii Compared to the icosahedral grains in the melt-spun ribbons, those in the
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electron beam scans were larger (often over 10 ym in diameter) and had more
well-defined dendritic growth directions.

In the electron beam surface melts on the alloy containing 18 wt% Mn,
the icosahedral grains were often far enough apart to grow without interference
from their neighbors, with the result that their external form clearly shows
their unusual icosahedral symmetry. The grains are randomly oriented in the
melt trails, so that in a given plane of polish many will be found in which
the five-fold symmetry is conspicuous (Figure 10). In grains with such
orientation, however, dendrite arms are not seen as continuous rods but as
broken rows of particles. Continuous dendrite arms are seen when the plane
of polish lies perpendicular to a two-fold symmetry axis and passes through
the point at which growth originated (Figure 11). 1In this case the angles
between the dendrites can be compared to a stereographic projection of the
icosahedral system with the conclusion that they grow from the central nucleus
along the three-fold symmetry axes (the (10 10 10) directions (16)), forming
sheets of dendrite arms in the planes containing adjacent three-fold axes.

On this basis, a model was constructed showing the overall structure of the

crystallites (Figure 12). All of the crystals seen in the melt trails of

A1-18 wt% Mn, such as in Figure 10, can be understood as different cross

——

sections of this model. TEM examination of these crystals does not indicate
any faceting (Figure 13) but in some cases it reveals them to be encrusted i
with an overgrowth of the T phase.

4. Decagonal Phase i

In the alloys containing 22 and 25 wt% Mn, the decagonal phase dominated
A
2 the melt zone at scan velocities of 10 cm/s. Although the decagonal phase
‘

..,ﬂ crystals often appeared to be randomly dispersed, careful inspection frequently i

v
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showed them to be parts of rather large dendritic systems. At velocities

between 10 and 200 cm/s, there was a steady change in the proportions of

«A' icosahedral and decagonal phase, as measured by x-ray diffraction (Figure 6)
V‘ 0 ﬁ

a& Qﬁ and confirmed by TEM. In the 18 wt% Mn alloy, by contrast, the icosahedral
Q." o

€

phase persisted to velocities as slow as 2.5 cm/s.

V. Discussion

From the analysis of the melt-spun ribbons, we can draw some conclusions

g R

about the form of the metastable equilibrium between the icosahedral phase

B

and the melt. Figure 14 shows the hypothetical position of the solidus and

KX o>
Qs liquidus curves for the icosahedral phase. The presence of aluminum, depleted
RN

in manganese, in samples containing 30 wt% Mn or less indicates that any
metastable congruent melting composition of the icosahedral phase must occur

at > 30 wt¥ Mn.

The substantial change of lattice parameter of the icosahedral phase

-
-
- oy
u. @ w

-

with overall alloy composition indicates that the icosahedral phase is not a

RS o A
t ]
L4

L. S

0 -

stochiometric compound and that it must exist over a significant range of

..

compositions. Therefore, the usual microsegregation processes which occur
during solidification would lead to the presence of a range of compositions
within any given sample. Hence it is not possible to interpret x-ray line

width measurements solely in terms of orientational correlatian distances.

In addition, if we assume local equilibrium at the interface between the

é& liquid and the growing icosahedral crystal, then the low manganese content of

g
-t‘x:

the aluminum which forms between the icosahedral phase grains shows that the

- liquidus curve of the icosahedral phase extends to compositions as low as

D) #‘-‘1

»éi A only a few percent Mn at the temperature where the Al solidifies. Because of
I o | S

A~

%2 : the very low slopes of both the liquidus and solidus curves for the Al phase,
e ai
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o
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the solidification temperature of the Al in this case probably lies only a
few degrees below the freezing point of pure Al,

The results described here provide little information on the metastable
liquidus temperature of the icosahedral phase. We can, however, make an
estimate of the temperature at which the icosahedral crystals nucleated in
the A1-18 wt% Mn alloy. The 2.5 cm/sec electron beam melt trail of this alloy
contains dendrites of AlgMn which grow up from the substrate, but near the
top of the melt trail their further progress is blocked by icosahedral crystals
which have nucleated ahead of them in the melt (Figure 15). Eady, Hogan, and
Davies (13) have developed a relationship between the maximum growth velocity
Vp in micrometers per second, the alloy composition x in wt% Mn, and the
growth temperature T" in degrees C of the dendrite tip for A16Mn dendrites;

Vo, = (1/3)[659 + 27.9(x - 1.95)0-786 _ %72 (1)
In this expression, 659 + 27.9(x - 1.95)0.786 is the liquidus temperature for
AlgMn. At velocities slightly greater than that at which the dendrites can
grow, there exists a narrow range of velocities in which coupled eutectic
growth is seen, and Eady et al. correlate the eutectic growth velocity V, to
the temperature difference AT between the interface temperature and the
eutectic temperature (659°C) by

Vo = 100(&T)2 (micrometers/sec) (2)

At the boundary between the dendrite growth region and the coupled eutectic

growth region, we can set vV, = V,, and using T" = 659 - AT we can reformulate

m
Eq. (1) to predict the limiting velocity for dendritic growth as a function
of alloy composition,

V= 0.0232 (x - 1.95)1:572 cm/sec (3)

Although the expressions of Eady et al. were based on alloys containing
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< 5 wt¥ Mn, we find that the transition from intermetallic phase growth to
a-Al, which is seen for alloys containing up to 14 wt% Mn as shown in
Figure 7, is correctly predicted by Eq. (3). In view of this agreement, we
conclude that their analysis gives a good description of the growth process
of AlgMn and Eq. (2) can be used to give a reasonable value for the temperature
at the dendrite tips at the upper limit of dendrite growth. In the 18 wt% Mn
alloy the limiting velocity is about 2.5 cm/sec, so &T = 16°C below the
eutectic temperature. This point is indicated by an asterisk on the phase
diagram (Figure 14) and serves as an estimate for the nucleation temperature
of the icosahedral phase. Temperature gradients ahead of the advancing
dendritic interface would tend to raise this estimate, while the growth of
the icosahedral phase to a finite size would tend to lower this estimate.
Although icosahedral is the dominant phase in electron beam melt trails scanned
at high velocities, its growth velocity is less than the scan velocity. This
can be deduced from examination of the melt trails in the A1-18 wt% Mn alloy.
[f the icosahedral phase could grow at several centimeters per second, then
in the 2.5 cm/sec melt scans it would have shown at least some tendency to form
elongated dendrite colonies similar to those of the adjacent AlgMn dendrites;
no such elongated icosahedral dendrite colonies are seen. Conversely, to
reach the observed radius of 5 x 10-4 cm in the time available for growth
in the 50 cm/sec melt scan, the growth velocity could not have been much less
than about 1 cm/sec. The icosahedral crystals show little change in morphology
as the scan rate was changed from 2.5 to 50 cm/sec, indicating that their
growth rate did not increase significantly. The growth rate in all cases
must have been approximately 1 cm/sec, which is comparable to the velocity

deduced by Shechtman et al (1) in melt-spun ribbons of Al1-25 wt% Mn. These
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velocities are slow enough that an equilibrium distribution of solute at the
solid-liquid interface can be expected [17]. These crystals must have grown
in a liquid with substantial undercooling, because they show no apparent
response to the large temperature gradients which were present. For example,
the gradient near the edge of the melt pool may be estimated to be approximately
5 x 103 C/cm, so that there would be a 5°C temperature difference across a
crystal 10 ym in diameter. Because the crystals appear to be unaffected by
this temperature difference, their growth must be driven by a supercooling
which is considerably greater than 5°C. Because the crystals have such slow
growth rates in the presence of a large supercooling, we must conclude that
the growth is limited by solute diffusion or kinetics rather than local heat
flow. Growth velocities of this order of magnitude probably are typical for
this phase at the temperatures at which nucleation occurs, and thus would not
be greatly altered by changes in the cooling rate. Higher cooling rates
would, however, produce a finer grain size by increasing the number of nuclei,.
[f the growth rate is limited primarily by solute diffusion rather than
interfacial kinetics, greater growth rates should be possible at higher
manganese concentrations, where the composition change accompanying solidification
is probably smaller.

Efforts to produce a larger grain size by decreasing the cooling rate
and thus the number of nuclei are frustrated by the resulting growth of the T
phase. This phase has in many cases been seen as an oriented overgrowth on
the icosahedral phase and its increasing dominance in low speed electron
beam melt scans makes particularly clear the difficulty of trying to grow
large icosahedral crystals.

The results reported here indicate that in binary Al-Mn alloys, single
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phase icosahedral material may be produced only at compositions close to that
of Al4Mn and that at these compositions extremely high cooling rates are
needed to avoid formation of the decagonal phase. One way to produce larger
crystals of the icosahedral phase would be to add other chemical constituents
which would stabilize this phase relative to the phases with which it competes,
especially the decagonal phase. We have recently found (19) that melt spun
ribbons of Al containing 33 wt% Mn and 5 wt¥ Si contained less than 1% aluminum
phase and no decagonal phase. Further investigation of this ternary system
may show the way to produce larger icosahedral crystals.
VI. Conclusions

1. The icosahedral phase in Al1-Mn alloys can grow with a range of composi-
tions. It grows competitively with the decagonal phase, which progressively
replaces it with increasing manganese concentrations or lower solidification
velocities.

2. The icosahedral phase forms by nucleation and growth within a
supercooted liquid, but its growth velocity is usually only about 1 cm/s.

3. The preferred dendrite growth direction of the icosahedral phase is
along the 3-fold symmetry axis.
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K Figure Captions
\]
ll Figure !. A portion or the Al-Mn phase diagram. The abundance of the phases
found 1n melt spun ribbons, as a function of composition, is shown

he'ow the 2tagram,

Figure .. ~ fra._tior patterns of phases observed in this study, for Cu Ka
r3 3t ran,

v ,- Figure varration of 1 spacing for Al (111) ard icosahedral (300000) in
NN me'* spur ripbons of different compositions.

s
)
;“: s Figure 4. Typirca: TiM appearance of icosahedral phase, showing coral-like
SR branches and mottled contrast. Al-25 wt% Mn melt-spun ribbon.
- . Figure &5, Typical TEM appearance of the decagonal phase, showing faulted
‘: - structure and blocky faceting. (a) shows general view and (b)
N shows detail of a single particle,
f‘.

f: R Figure 6. Mapping of primary phases in electron beam melts of different velocity
B = and composition. In the icosahedral + decagonal (T) region, the
. numbers indicate the relative fraction of the intermetallics
YUY which are icosahedral, from x-ray intensities.

o

] ‘\ . .

Al N Figure 7. Microstructure of 0.25 cm/s melt scan on an Al-25 wt% Mn alloy

e showing large plates of primary intermetallic with subsequent over-

' .” growth of AlgMn and terminal solidification of Al.
:h; Figure 8. Bundles of intermetallic platelets in 2.5 cm/s melt scan on Al
i:: v, 25 wt% Mn alloy.
:‘ W,
a%, b Figure 9. Electron beam melt scans on Al-14 wt% Mn at (a) 1.0, (b) 2.5, and
=t (c) 5 cm/s, showing the transition from primary intermetallic AlgMn
W, !; to supersaturated Al. The deeper melts were the homogenization
TS pre-melts, and the direction of scan on the shallower, controlled-
.ﬁr velocity, melts was toward the observer,
b ~
: ' Qﬁ Figure 10. Crystals with conspicuous 5-fold symmetry in the A1-18 wt% Mn
% L alloy. Similar crystals were found at scan velocities between
, 2.5 and 50 ¢m/s: the ones pictured here were in the overlapping
Pe 2 melt spots used to refine the surface microstructure.
S
,b_ -~

jﬂ Figure 11, A crystal of the same type as shown in Figure 12, but aligned with
‘S a two-fold symmetry axis normal to the metallographic section,
‘i’ 5; compared to the icosahedral stereographic projection.

Yo, Figure 12. A model of the icosahedral crystallites as found in A1-18 wt% Mn
Sy electron beam melts.
SN 3
- Figure 13. TEM of crystallites in A1-18 wt% Mn alloy. Electron diffraction
W - confirms them to be icosahedral.

W

!
I 16

’af

2,
et IS,

Y

TR U CULTCTVREROLORERRRIRRRRY |



i

‘O

,'; Figure 14. Hypothetical solidus and liquidus curves for the icosahedral

', phase. The asterisk indicates the point at which nucleation

. occurs in an A1-18 wt% Mn alloy during electron beam surface ot
o melting. 5
L

“(: Figure 15. Icosahedral phase grains (left), nucleated in the melt, blocking -
‘ the advance of AlgMn dendrites growing up from the bottom of an 8
\] electron beam melt pool. The electron beam was scanned at 2.5 cm/sec >
h across the surface of an A1-18 wt% Mn alloy.
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Microsegregation in Rapidly Solidified Ag-15 wt% Cu Alloys
W. J. Boettinger, L. A. Benderskyt S. R, Coriell, R. J. Schaefer,
and F. S. Biancaniello
Metallurgy Division

National Bureau of Standards
Gaithersburg, MD 20899

Abstract

Spacings and composition pﬁofiles of cellular structures formed in Ag-15
wt% Cu alloys at growth rates between 0.1 and 18 cm/s are measured. At the
highest rates the cell spacings exceed the characteristic diffusion length
D/V (ratio of liquid diffusion coefficient to growth rate) by a factor of ten.
The rate of increase of the average cell composition with growth velocity is
larger than predicted by existing diffusion models of the cell tip. Increases
in cell compositions beyond the Ag solidus retrograde are accounted for
quantitatively by the use of non-equilibrium interface conditions {solute
trapping).

Introduction
One of the most important microstructural benefits of solidification at

high rates compared to conventional rates is a reduction in microsegregation.

Despite the fact that completely microsegregation-free crystalline microstructures

are obtained for some alloys under certain conditions (1), many commercially
important rapidly solidified crystalline alloys exhibit very fine cellular
microsegregation patterns. The amount of solute incorporated into cell
interiors has a direct influence on the volume fraction of intercellular

phases (inclusions) and subsequent precipitation in the cell interiors during

thermomechanical treatment.

Materials Science and Engineering Department
Johns Hopkins University

Baltimore, Maryland 21218

J. of Crystal Growth (Accepted)
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. Several authors (2-6) have measured cellular solute profiles or second =
: phase content in rapidly solidified alloys produced with either unknown or é;

estimated growth rates. These estimates rely either on assumed values of the ‘
: heat transfer coefficient between the alloy and the quenchant or on extrapolation ?
! of expressions which relate microstructural scale (e.g., dendrite arm spacing) -
3 to cooling conditions under conventional solidification conditions. In the 23
; present work ¢ellular solute profiles are measured in samples in which the R'
1 growth rate is determined in a more direct fashion using the electron-beam *

melting and resolidification technique. EE
\ Experimental Procedure
L Samples were prepared using one dimensional scans of a 1 mm diameter focussed ;;
i electron beam across the surface of a 4 mm thick Ag-15 wt% Cu plate at speeds -
. of 0.1, 0.6. 2.5, 12 and 18 cm/s. At these speeds the dimensionless parameter, “

Vea/2a, is less than unity where Vg is the scan speed, a is the beam radius ii
: and ~ is the thermal diffusivity of the plate (~1 cm/s for Ag). Mehrabian
; et al. (7) have calculated that under these conditions the melt puddle is 53

nearly hemispherical and thus the growth direction and solidification speed -
! of the resolidified alloy near the top center of the melted region are nearly ;f
i parallel and equal to the electron beam scan velocity. Metallographic ..
3 examination of samples in this range previously established that the growth :i
3 velocity is generally no more than 15% slower than the scan speed (8). 3
@ Half disks cut transverse to the scan direction were prepared for analytical !2
b electron microscopy by ion milling on a liquid nitrogen cold stage. Compositions Ei
X were quantified using the Cliff-lorimer ratio technique (9) for the L, and
; K, x-rays for Ag and Cu, respectively, with a constant determined experimentally :i
g from measurements on a homogeneous Ag-28 wt% Cu alloy, rapidly solidified in -
. 2 ‘
R .
2
R

;;
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a partitionless manner at a velocity of 70 cm/sec (8). The thin-film criterion
(9) is satisfied for botnh characteristic x-rays for specimen thicknesses less
than 153 nm as was the case for our specimens. The spatial resolution was
determined using the beam broadening equation (9). For a foil thickness of
150 nm, the beam broadening was calculated to be 42 nm, and the total broadening
for the probe size of 5 nm used in our experiments was 42.2 nm.

The range of solidification velocities and the alloy composition of Ag-
15 wt% Cu were chosen for detailed analysis of microsegregation based on
previous experience with this alloy using the electron beam solidification
technique (8). Above a velocity of ~18 cm/s this alloy does not form
cellular structures. A banded structure, which can be considered as a part
of the transition from the cellular to the microsegregation-free structure,
occurs between ~18 cm/s and ~ 200 cm/s. Above 200 cm/s significant solute
trapping or velocity dependence of the partition coefficient is thought to
occur.

A critical issue in the present experiments is to determine the degree
of interfacial non-equilibrium (solute trapping) which occurs during cellular
solidification. For this purpose the choice of Ag-15 wt% Cu alloys is
particularly useful. The Ag-rich portion of the Ag-Cu phase diagram as
assessed by Murray (10) is shown in Figqure 1. The Ag-rich solidus exhibits
a metastable retrograde calculated at 10 wt¥% Cu and 700°C. This retrograde
composition is thought to be accurate to #1 wt% Cu (11). The existence of
this retrograde precludes the formation of Ag-rich solid solution above 10 wt%
Cu regardless of the interface temperature or liquid composition unless

solute trapping occurs. Microsegregation profiles will be examined regarding

this point.
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Results

Intercellular Constituent - Figure 2 shows transverse sections of cellular

structures formed at 2.5 cm/s and 12 cm/s. The intercellular regions in
these micrographs are typical of cells grown below and above ~2.5 cm/s,
respectively. At low speeds the intercellular regions contain eutectic. At
higher speeds single phase sheets of Cu-rich phase presumably continuous in
the growth direction are found. The latter morphology occurs at velocities
above 2.5 c¢m/s when the width of the intercellular region becomes less than
~20 nm. Qualitatively one also notes a decrease in the area fraction of
intercellular constituent at higher rates. This fact is consistent with the
increase in the average composition of Cu within the cell interiors described
below.

Cell Spacing - Examination of TEM micrographs at the five growth rates
yields the average cell spacing data shown in Figure 3. Also in Figure 3 is
the characteristic diffusion lTength D/V plotted versus velocity where D is
the liquid diffusion coefficient, here taken as 2 x 10-5 cm?/s (12). At
0.1 cm/s the cell spacing is only slightly greater than D/V whereas at high
growth rates the cell spacing is larger than D/V by a factor of 10.

Microsegregation Profiles - Plots of composition versus distance across

the center of transverse sections of cells formed at the five growth rates
are shown in Figure 4. The cross-hatched regions represent intercellular
material, either eutectic or Cu-rich phase. Data points within 40 nm of the
intercellular Cu-rich regions have been neglected based on the estimate
of the spatial resolution for chemical analysis described above,

Only the 0.1 cm/s sample has a profile which has the characteristic U-

shape usually expected for cellular segregation at lower growth rates.
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Profiles for the higher speeds seem irregular with no indication of a minimum
composition at the cell center. QDespite this irregularity the average

composition across the cells increases with increasing growth rate from

an approximately 6.4 wt% Cu at 0.1 cm/s to ~12.6 wt¥% Cu at 18 cm/s. Figure §
!! summarizes this trend. The mean composition as well as the maximum and

o minimum compositions for each profile are plotted against growth velocity.
SE The compositions exceed the equilibrium solubility limit of 8.7 at% Cu for
O

samples solidified above 1 cm/s. The samples solidified at 12 and 18 cm/s

. EE also exceed the Ag-solidus retrograde composition.
) Inverse coring - A few composition profiles were obtained which contained
sﬁ a maximum in composition at the cell center. Such a profile is shown in
o Figure 6. Corresponding microstructures in polished and etched samples
" were occasionally found in SEM micrographs with a strongly etched core at
i the cell center as shown in Figure 7.
Analysis of Results
t; The prediction of microsegregation profiles in cellular structures is a

formidable task. Two important aspects of the modeling problem are the

-

choice of proper boundary conditions for the compositions and temperature at

s
r

the liquid solid interface and the solution of the solute and thermal diffusion

I 4

v .
!

problems in the vicinity of the cellular interface, At slow solidification

rates, the concept of local equilibrium is used to describe the temperatures

%A

and compositions at the liquid-solid interface. The diffusion problems are

8

- treated approximately by calculating the conditions at the cell tip (13-16)
5 .. and applying a Scheil-type solute balance to determine full cross-cell solute
. 4
! .
352 65 profiles (13, 17). More recently, numerical techniques have been employed to
W
Ny,

)
:." ﬁ

1ol 5
0, ~¢
i B

determine the full solution to the moving boundary problem (18-20). These

ey

»
-




techniques have been reviewed by Coriell, McFadden and Sekerka (21). Even
these full solutions suffer from the problem of wavelength selection, i.e.

what determines the cell spacing for a given set of growth conditions. In

the present discussion we focus on the effect that non-equilibrium interface

N
ﬁ conditions have on cellular microsegregation profiles and the impact of the
Pﬁ: observation that cell spacings can greatly exceed the characteristic diffusion
8&; length for solidification.

Non-equilibrium Interface Conditions - Because cell compositions in the

present experiments exceed the Ag-rich solidus retrograde composition, non-
> equitibrium interface conditions must be considered. One approach to modeling
these interface conditions requires three equations which have been described

by Aziz (22) and by Boettinger, Coriell and Sekerka (1). Using an atomistic

diffusion model at the liquid solid interface, Aziz has shown that the ratio k
of the solid and liquid compositions at the interface, Cg and CI, can be
expressed in terms of the equilibrium partition ratio kg and the interface
speed V by
i kE + BOV
RN (1)
where =, is a kinetic parameter. The second equation is obtained by the
usual assumption that the interface speed is a function of the thermodynamic
driving force AG for solidification. Turnbull and Bagley (23) give for this
equation

V = Vo1 - exp(aG/RTy)) (2)
where V5 is a second kinetic parameter, R is the gas constant and Ty is the
interface temperature, The third equation relates AG to TI.CE and Cg through

the expression



u -
Pt
Rt i

AG = (1 =€) * Auply (3)

- where Ay) and Ayp are the differences in chemical potential between solid
é? and liquid for the compositions and temperature at the interface. For pure
g; §g metals or when k is assumed to be equal to kg, AG is simply proportional to
o

interface undercooling (1). However in the present case AG is more complex.

.
Q.’-

Sy
> %

The chemical potential differences can be evaluated from a thermodynamic

A

§§ ég model of the alloy system of interest. .
R Given this thermodynamic model and values for the kinetic parameters

éz' gg 2, and V,, one can calculate, for example, Cg and Ty as functions of

%% Ct and V. Examples of plots of this type are given in reference (1). Aziz

E? 3& (24) has recently plotted Cg vs. Ty and CE vs. Ty for fixed values of V.

%ﬂ . Such a diagram is used just like the equilibrium phase diagram to specify

interface conditions at any velocity of interest. In fact at V = 0 these two

b .i curves are precisely the equilibrium solidus and liquidus for the phase of

o interest. At very high velocities, these two curves become one at temperatures
%%. gg and composition below the T, curve. This situation corresponds to partitionless
*ﬁ | solidification (1).

;n) g The effect of growth velocity on the maximum solubility of Cu in the

3?* Ag-rich phase is of primary interest for this paper. How does the retrograde

P
b ot

feature of the C; vs. Tp plot depend on V? Figure 8 shows the Ag solidus

along with C; vs. Ty plot for Vv = 2.5, 12 and 18 cm/s corresponding to the

Y‘.
el

i%ﬁ = growth rates for the higher speed experiments reported herein. If shown in
:3? 3; Figure 8, the C[ vs. Ty plots would be indistinguishable from the liquidus for
4 ; these velocities. The parameter Vo has been taken as the speed of sound in
i ;@ liquid metals, 2 x 105 cm/s, in accordance with the model of collision limited

growth (25). Such a model seems appropriate for a disordered close-packed

s
i B
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gg: crystal structure. The parameter o, in the Aziz model is ay/Dj where a4 is

1;_ the interatomic dimension here taken as 0.3 nm and D; is the interface solute
éﬁ? diffusivity., Little is known about Dj except that it is most likely less than
33P the liquid diffusivity. Hence, 2, is greater than 1.5 x 10‘3 s/cm (1/aO < 667
:': cm/s). Experimental evidence (8) has shown that microsegregation-free structures
gaé are obtained in Ag-15 wt% Cu by solute trapping at 200 cm/s. Therefore we

Eﬁs‘ use 1/a, as 200 cm/s for the curves shown in Figure 8. ‘

- The Cg vS. TI plot shows a retrograde composition of 12.4 wt% Cu for

E?hi V =12 cm/s and 13.4 wt¥% Cu for V = 18 cm/s. Hence according to this non-

E;‘ equilibrium interface model, a planar interface for an alloy of bulk composition
22? 15 wt% Cu growing at 12 or 18 cm/s would form a solid with a maximum composition
E%é; of 12.4 or 13.4 wt% Cu, respectively. For a cellular interface, the composition
'?\é of cells would be less than this value due to lateral diffusion of solute in

L0

! the liquid ahead of each cell, The extent of this lateral diffusion is
discussed below. However, the values of 12.4 and 13.4 wt¥ Cu serve as maximum
bounds which are consistent with the data shown in Figure 5,

lateral solute diffusion at the cell tip - Without including the non-

N equilibri m interface conditions described above, various theories predict

Ky o/ that increasing the solidification rate leads to an increase in the cell
compositions, including an increase at the cell centers. We now examine two
KXY theories: Burden and Hunt (BH) and Ivantsov/Marginal Stability (I/MS).

" According to BH (14) the composition at the center of a cell Cgip can be
Aty expressed in terms of the growth rate V and liquid temperature gradient G_ by
ctP = kgl (1 - a + 1) (4)

Q¢5 where
e a = G L/mVCo (5)

3,
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ot R DO R O L U < e RS 0 SO I AC Y A MONIE 2NN A et e gttt lip ettty tlcs




T T P R R TR R R R R T A D R T T

i

* and

! b2 = 21 ~(1 - kg)V/m DC, (6)

. with m_ the liquidus slope, Co the alloy composition and Tpr the capillarity

:? constant (ratio of liquid solid surface tension to entropy of fusion per unit
volume). For values of the materials parameters appropriate to liquid of

Eg composition Ag-15 wt% Cu, viz., m| = -8K/wtk, kg = 0.37, D = 2.1 x 107> cm?/s

Eﬁ and Tpr = 1.5 x 1073 Kcm, the term involving the temperature gradient can be
neglected for the velocities of interest in the present experiments, The

§% resulting dependence of Cgip on V is shown in Figure 5. Clearly the data for
the composition at the cell centers rise faster with increasing growth rate

ii than predicted by BH. Inclusion of the retrograde nature of the equilibrium

;? solidus, which requires kg to decrease with increasing solute buildup at the

2

interface, further increases the discrepancy between BH and the data. On the

'l other hand, use of a non-equilibrium value of k = 0.42 obtained using eqn. (1)
for V = 18 cm/s and 1/2g = 200 cm/s in egns. (4-6) predicts a value of

2 ck™P = 8.5 wt Cu. This value is still mich Tess than the 12 wtg Cu
experimentally observed as a minimum in cells formed at 18 cm/s.

!! The BH model employs the extremum assumption to specify a unique value

of tip radius R (and hence tip undercooling or tip concentration) for a given

2

growth rate. Recently, considerable success has been achieved in matching

T

theory and experiment for dendritic growth in initially undercooled melts (26)

..
W

and during directional solidification (27) using the Ivantsov paraboloid

)

model of the tip combined with a marginal stability assumption to specify the

A

tip radius (I/MS). Using expressions for alloys obtained by Lipton, Glicksman

M ]
)

and Kurz (28), R can be obtained as a function of V by solving the transcendental

equation
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o R= 4T ~[1 - (7 - k) IV(P)I/[-2m P Co(1 - Kkp)] (7)

; . where P. = VR/20D, Iv(PE) = Pc exp PcEy(P.) and Ey(P.) is the first exponential

;'g' integral of P.. Then Cgfp is given by

el e8P = kgCo/[1 - (1 - kp)Iv(P) ], (8)

" The form of eqn. (7) neglects the influence of the temperature gradient which

i;? is justified in cases where the alloy is concentrated (29) and includes a

E%&A factor 2 in the denominator previously omitted (30). The predictions of I/MS

o for the same materials parameters as used for BH is also shown in Figure 5.

éﬁf Although the predicted cell composition is seen to rise faster with increasing

végi growth rate than the BH prediction, it still Yies significantly below the

j;. data. Inclusion of the non-constant kg necessary to describe the solidus

ghi retrograde again only increases the discrepancy between the data and prediction. i
¥§E Using the non-equilibrium value of k = 0.42 appropriate for vV = 18 cm/s as .
) described above, I/MS predicts a value of 9.8 wt¥ for 18 cm/s. Hence I/MS

Ut? including non-equilibrium interfacial effects is inadequate to describe the

;% measured dependence of cell composition on growth velocity. ?

’gi' Failure of BH and I/MS should come as no surprise. Direct observation

;f: (31) and calculations (18-20) show that cell shapes are flatter than paraboloids. N

;;3 Hence increased levels of solute build up at the cell center. An interesting

%iﬁ observation can be made by comparing the data with the prediction of egn. (8),

:Eé using values of P. obtained by letting R be one half of the measured cell E

oo spacing rce1) (Pe = Vice11/4D). These values of P. range from 0.3 for

?‘& V=20.1cm/s to5.4 for V = 18 cm/s and are much larger than P. values

ﬂ:ﬁ calculated using Eqn. (7). The results compare quite favorably with the .

:%E measured data as shown in Figure 6 and further underscore the problems that ;

:z} remain in the area of cellular growth.
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Cell Spacings - Theoretical prediction of cell spacings is not yet

possible. However, Cdriel], McFadden and Sekerka have noted (2!) that measured

cell spacings often compare within a factor of two with ic, the wavelength

at the onset of morphological instability obtained, for example, from eqn. 24

of ref, 21, For this comparison, the wavelength must be calculated for the

composition at the onset of instability for the growth velocity and temperature

gradient of the experiments. This composition may be quite different than

the alloy composition. Generally 1. is much less than D/V for lTow growth

rates but increases to values greater than D/V as the growth rate increases.
Using the phase diagram and surface tension parameters for Ag-Cu given

above and an estimated liquid temperature of 104 K/cm appropriate for surface

melting (32), the ac values are 7.6, 3.5, 1.7, 0.75 and 0.59 um for the

velocities of 0.1, 0.6, 2.5, 12 and 18 cm/s respectively at compositions of

0.15, 0.065, 0.088, 0.28 and 0.40 wt% Cu. By comparison with Figure 3, the

\c values are 2-3 times the observed spacings.

Profile Shape - The irregular shape of the solute profiles for the higher

speed samples precludes any detailed analysis of entire microsegregation
profiles. While all of the profiles vary by ~2 wt¥ Cu across the cells, when
this variation is normalized to the average composition, we conclude that the
profiles become more uniform or flatter with increasing growth rate. This
increasing uniformity is most likely related to difficulty of lateral solute
diffusion when the cell spacing significantly exceeds D/V. In fact the
characteristic U-shaped profile is observed only for the sample solidified at

0.1 cm/s where the cell spacing essentially equals D/V. At slower solidification

¥
o 3
L rates we would also expect U-shaped profiles,

t
fgg E% Inverse Microsegregation Profiles - The origin of the solute-rich regions




o ,
o 3
gﬁ observed in some cellular structures (Figures 7 and 8) is difficult to determine

?‘ with certainty. In surface melting and resolidification using a moving heat

§¥ source, the velocity of any point on the liquid solid interface, when followed

ai in a direction perpendicular to the interface, accelerates from zero velocity Qf
] &
X at the bottom of the melted puddle to near the scan speed at the top of the

55‘ puddle, This acceleration produces a gradient of cell spacings from the edge ;
{5 to the centerline of the resolidified region, i.e., the cell spacing must

decrease from edge to center line. One mechanism by which cells can decrease

“; their spacing is the formation of a solute-rich dimple or ridge near the cell i
H Qf
Y center and subsequent splitting. The observed solute-rich regions in some
“a cell centers may correspond to the initiation of this cell spacing reduction ¢
§:; mechanism. Indeed, Coriell and McFadden (18) have found solute-rich centers
Pyt ]
E: in some calculations of cell shape.
3
i
e A second possibility follows a model originally proposed by Kattamis (33)
(-3l in microstructures produced in initially undercooled melts. The normal
0
'ﬁ velocity of a cell tip is higher than the normal velocity of points away from ’
. )
2&, the cell center. In the regime of solidification velocities where k depends
) ‘
JF on v strongly, more solute may be trapped at cell centers than at cell edges. N
(i
f ' Such a situation could presumably result in cell profiles as shown in Figures ;
p& 6 and 7. However, at a growth rate of 0.1 cm/s significant non-equilibrium B
N effects are not expected. A
1 . 4
: Conclusions
]
;Q; (1) In Ag-15 wt% Cu alloys average composition of the cells of the Ag- ]
T rich phase increase from 6.4 wt% Cu at 0.1 cm/s to 12.6 wt% Cu at 18 cm/s.
ii (2) Microsegregation profiles across cells are not U-shaped at growth ;j
;C rates above 0.6 cm/s. ]
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(3) Cell spacings decrease from 2.5 ym at 0.1 cm/s to ~0.25 ym at
18 cm/s. The smallest spacings exceed the characteristic liquid diffusion
length D/V by a factor of 10.

(84) Increases in cell compositions beyond the Ag solidus retrograde at
10 wt¥% Cu for the highest speeds are accounted for quantitatively by the use
of non-equilibrium interface conditions (solute trapping).

(5) The Burden-Hunt and lvantsov/Marginal Stability models of tip
composition underestimate the rate of increase of cell composition with growth
rate.
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Figure Captions

Figure

Figure

Figure

Figure

Figure

Figure

Figure

Figure

1.

2.

Ag-rich portion of the Ag-Cu phase diagram (10). Dashed lines are i
the metastable extensions of the liquidus and solidus for the Ag-rich
phase. Note the retrograde in the metastable solidus at ~10 wt% Cu.

Transverse sections of cellular structure in Ag-15 wt% Cu.

(a) Solidified at 2.5 cm/s. TEM (darkfield). Note intercellular
eutectic.

(b) Solidified at 12 cm/s. TEM.

(c) Solidified at 12 cm/s. TEM. High magnification of intercellular
regions which are single phase Cu-rich solid solution,

Average cell spacing versus solidification velocity for Ag-15 wt%
Cu alloys. Shown for comparison is a plot of D/V versus V.

Microsegregation profiles (composition versus distance) measured

by STEM across transverse sections of cells in Ag-15 wt¥ Cu alloys
solidified at the indicated velocities. The cross-hatched regions
represent intercellular material, either eutectic or Cu-rich phase.
The average composition of the Ag-rich phase increases with velocity.

Average composition of the cells of the Ag-rich phase as a function

of solidification velocity. The bars at each velocity represent the
range of composition observed for each profile shown in Figure 4.

Shown for comparison are the alloy composition Cqy, the equilibrium

Ag phase solubility limit (at the eutectic temperature), the Ag
solidus retrograde composition, and predictions of the BH (Burden-Hunt)
and I/MS (Ivantsov/Marginal stability) approaches to modelling cell
compositions.

Microsegregation profile of a cell solidified at 0.1 cm/s showing
a solute-rich region at the cell center,

SEM micrograph of transverse section of cells solidified at 0.1
cm/s etched to reveal solute-rich cores.

C* versus TI plots for solidification velocities of 2.5, 12 and
18 cm/s obtained as solutions to Equations 1-3 for thermodynamic
parameters agpropriate for Ag-Cu agloys and kinetic parameters
% = 5x 1077 s/em and V, = 2 x 10” cm/s. The equilibrium
solidus (stable and metastable parts) is also shown.
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:t::;‘ i Introduction
! Crystallization of the quasicrystalline icosahedral phase (1) formed in rapidly

quenched Al-Mn alloys containing 22, 25, 26 and 27 wt % Mn has been studied by constant
. heating rate differential thermal analysis (DTA). Phases present in as-quenched (fecc +
Y icosahedral) and crystallized (fcc + AlgMn) alloys were determined by x-ray diffraction
(XRD) and transmission electron microscopy (TEM). Heats and activation energies of
transformation were estimated from the DTA results, The microstructure of a partially

s
C'-'\.‘

- A
-
=

RIS converted sample was examined by TEM,

1" O

ﬁf\ “

’ .

:::\: b Experimental Procedure
R

Rapidly solidified Al-Mn alloys were prepared by melt spinning, using chunks of arc
melted buttons prepiared from 69.99% Al and 99.97% Mn, Stated compositions are starting
Ny compositions of the arc melted buttons, and are probably within a few tenths of a weight
¢ of the composition of the final melt spun ribbons. Full details of preparation and

o go

-

-

-
»

s \ :ﬁ characterization of the melt spun ribbons, and of the XRD and TEM methods, have been
A presented elsewhere (2).
ol
P ;_ For DTA studles the quenched ribbons were cut into short strips which were stacked
Wy {n alumina crucibles. All DTA studies were carried out in a Mettler (TA) 2000C
4 ﬂi "\ Tnermoanalyzer#. In this instrument, temperatures are measured at the exterior of the
g Y flat crucidble bases, with the reference crucible base temperature controlled. Pertinent
— experimental quantities must be extracted from the raw data by model analysis,
‘ 5: - #Reference to commerclal equipment {s for identification only and in no way constitutes
: ’} "« endorsement or evaluation of 1its merits.
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Analysis and Interpretation of DTA Data

The DTA data have been analyzed by means of the following dynamic model, a simple
gereralization of the Goldberg and Prosen (3) treatment:

hg (Te = TR) = Cq Ty

Tr = To + at

hg (Tp = Tge) ¢ hgo(Tge - Tg) = C4 Ts

: hgt(Tg = Tge) + as' = Csr s

where T is temperature, t is time, a is heating rate, C is heat capacity. Subscripts
refer to: f, furnace wall; R, reference crucible; s, sample crucible; s', sample; o,
initial condition. The h's are heat transfer coefficients: hg, furnace to reference
grucible; hg, furnace to sample crucible; hge, sample crucible to sample. The quantity
Qgr is the rate of heat flow into the sample due to phase transformation. All
quantities are known, calculable without significant error, or obtainable from
measurements of transformations of known enthalpy change.

Expressions for the heat of transformation, q = [ &5 dt and for the sample
temperature, Ts" are easily derived from the model equations. T_. 80 calculated, at
maximum deviation from base line (1.5 ° C or less), was used in constructing Kissinger
plots (4) from which activation energies were obtained. This DTA data treatment method
is not without flaw, but a variety of experience indicates that {t is reliable to within
stated error limits,

The slope of the Kissinger plot, &n(%/T 2y vs (1/T ), where T_ i3 the sample
temperature Ts' in K at maximum deviation from baseline and a the Reating rate, is
expected to yield the quantity Ea/n for transformations which can be described under
isothermal conditions by the Johnson-Mehl-Avrami (JMA) equaticn {(5):

1 - ¢ = exp {-Kth},

Here ¢ is the fraction transformed; K = Koexp[-Ea/RT} the temperature dependent
rate constant for the dominant step of the transformation. The coefficient n has a
value dependent on the mechanism of the dominant step. Typical values of n have been
listed by Christian (6). The validity of the Kissinger relation has been established by
Henderson (7) and Melisel and Cote (8), who have generalized the isothermal JMS
expression to constant heating rate conditions, and have presented recipes for obtaining
Ey/n, Ej. and n from DTA data. For various reasons, Ea and n so obtained cannot be
regarded as describing the transformation uniquely, Isothermal kinetic expressions more
general than JMA have been derived (6) but not, to our knowledge, extended to constant
neating rate conditions,
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Results and Discussion

g B

Only the fcc and icosahedral phases could be detected in the as-quenched samples;
only fce and AlgMn immediately after transformation, Relative abundances of the
different phases could not be accurately determined, but trends with composition were
2 inferred. For the as-quenched alloys, the ratio of the intensities of the strongest XRD

‘e
-~

RN lines, fcc to icosahedral, drops from 4.5 at 22 wt € Mn to 1.8 at 27 wt ¥ Mn. There is
‘»: j- considerable scatter in the ratio for independent preparations at given composition, and
e there are indications of preferred orientation texture in the fcc. However, the trend

was clearly discernible (2). Metallographic examination, while not quantitative,
" EE clearly shows the presence of significant amounts of fcc at all four concentrations.
{ i After transformation, DTA melting studies were carried out. From the observed heat of
g% the fcec melt and the model enthalpies of Murray (9), the fcc abundances at the onset of
i {; melting were estimated to be .11, .02, .002, and zero, from 22 to 27 wt % Mn, The 256
Qﬁ :f and 27 wt % Mn samples underwent a further transformation between crystalllzation and
melting, in which a small fraction of "AlyMn' (hexagonal, a=12. uA c=28. bA) was

i produced., From these trends, it is clear that not only is the 1cosahedral phase
Vie! ;: transformed during the transformation, but the fcc phase is consumed as well., The
ﬂ?. f‘ microstructure of a partially transformed 25 wt % Mn sample, shown in Fig. 1, supports
:‘: N this view.
N
3 At each composition, a number of heats were carried out at rates in the range of
b 1.5 to 20.0 °C/min., Smooth Kissinger plots were obtained. For each heat, the heat of
.{: ‘. transformation was calculated. In contrast to the smoothness of the Kissinger plot, the
-2 5 heat of transformation generally showed scatter, the distribution being markedly skewed
¥ toward higher magnitude. For example, we found the heat of transformation to range from
b B -.30 to -.40 kcal/mol of atoms at 22 wt ¥ Mn, and from -.45 to -.49 at 25 wt % Mn,

.‘ Possibly, this scatter arises from variation in phase abundance along the length of the
- quenched ribbon. No indication of rate dependence was seen. The heats of
:: .-, transformation 1listed in Table 1 are not means of all values at each composition, but
Iy have been placed where the values cluster., The stated uncertainties are based on

A

calibration studies of equilibrium and metastable transformations and analysis of the
uncerfainties in the quantities entering the dynamic DTA model. They exceed the
experimental scatter. Also listed in Table 1 are Ea/n and intercept from the Kissinger
plots. The uncertainties given for the latter quantities are the standard statistical
! uncertainties of the linear regression procedure,.

‘.
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TABLE 1
Thermal and Kinetic Results

=57 B

" Ki{ssinger
:k. Concentration Heat of Transformation Ea/n intercept
ﬂ? ¥ wt g Mn atf Mn kcal/mol of atoms kecal tn(10~Y/K-sec)
o 3
S
g 22 12.2 -0.40 £ .08 1 bINY; 374 s 1Ly 12,4 £ 1.0
LK
‘l. 1%
5 Lo
i 25 14,1 -0.48 &+ .10 H+L',. 36.9 £ 0.7 11.4 + 0.5
e
N
W

a 26 14,7 - W46 ¢ .92 37.6 ¢ 1.2 12.5 ¢+ 0.9
3“‘1
At
:": s 8 8 1 1
o & 27 15.4 - .29 + .06 38.4 ¢ 1. 2.0 s+ 1.2
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The heat of transformation varies with Mn content, showing an extreme value of
-.48 t .10 kcal/mol of atoms near the composition AlegMn. This value is in good

agreement with that reported by Kelton and Wu (10) of -.5 kcal/mol of atoms for a rapidly
quenched sample containing 24.9 wt % Mn.

For the composition 25 wt% Mn, an attempt was made to ascertain E, directly by
plotting &nfn (T%—) Vs IITS., under the assumption { = (Tsr = Tb)/I(TS. = Tb) dt, where
Tb is the background sample temperature level (7,8). A rough value of E, = 92 kecal was
obtained. Hence a value n = 2.5 is indicated. Literal interpretation of this result
within the framework of the JMA approximation suggests long range diffusion controlled
growth, all shapes growing from small dimensions, with constant nucleation rate (6). The
general danger of such literal interpretation has already been noted, and additional
caution is urged in the present case, owing to: (a) weak thermal signals resulting from
the low heat of transformation and necessarily small sample mass; (b) the noise level of
the instrument; (c) the difficulty in assigning start and stop values of z; and (d)
difficulty in approximating Tb because of the quite discernible change in sample
specific heat during transformation.

However, TEM investigation of the microstructure of a partially transformed 25 wt %
Mn sample lends credence to diffusion controlled growth of the Al:/Mn phase. In any
small piece of partially transformed ribbon, one find areas in which the icosahedral
grains are completely transformed, others where partial transformation has occurred, and
yet others where no transformation has occurred. Nucleation of Al:Mn seems usually to
start at the fce/icosahedral interface, with growth into both the icosahedral and
interdendritic fcc phases. This latter point is illustrated in Fig. 1, which shows a
micrograph of a partially transformed area. The inhomogeneity of Al Mn nucleation in
the ribbon probably arises from the solidification sequence during rapid quenching, the
first stage of which is nucleation of the icosahedral phase, followed by growth of the
randomly oriented crystallites to a diameter of a few micrometers. In the second stage,
the fce phase is nucleated on various icosahedral crystallites, and grows with a
definite orientational relation to the crystallite upon which it nucleated. Thus, at
completion of solidification, there will exist fcc/icosahedral interfaces both with and
without orientational relation between the two phases, the latter type being more
favorable to nucleation of Al Mn. This, coupled with the small size and high spatial
density of icosahedral crysta?lize could well lead to apparently constant A16Mn
nucleation rate during a substantial fraction of the time required for complete
transformation under constant heating rate conditions. Overall, the morphology of the
A16Mn cystallites is compatible with diffusion controlled growth.

Summarz

Crystallization of the quasicrystalline icosahedral phase formed in Al-rich Al-Mn
alloys has been studied by constant heating rate DTA, XRD, and TEM. Heats and
activation energies of transformation were obtained, and evidence presented which
suggests that the transformation is diffusion controlled.
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ABSTRACT

We present the results of x-ray diffraction, scanning electron micro-
scopy (SEM) and transmission electron microscopy (TEM) on spin-quenched
y flakes of alloys of composition Al g4.x Mny Si_og (x=0.20, 0.22, 0.24).
g From x-ray pinhole photographs of fatact flakes we conclude that the alloys
are nearly pure single phase and may be indexed using the prescription of
Cahn, Shechtman and Gratias as a quide. The grain size {s estimated to be
between 13 and 18 um. From high resolution diffractometer tracings a corre-

¥ latfon range of 350-480A& {s recorded with an asymmetric profile at the posi-

tion of the 2-fold peak (Q = 3.048-1) whose extent in Q is comparable to the
{1y inverse correlation range. These short correlation ranges are associated with
3;f defects as in a defective Penrose tiling. SEM photos on a fractured flake

show 2 chill zone of 3-4um followed by columnar dendritic morphology. The
. extent of 2 single dendrite cluster is about the same as the x-ray grain size.
o At the bottom of the chilled surface distinct geometrical shapes are observed
Y including an occasional pentagonal dodecahedron of about 0.4-0.6um in size.
TEM micrographs show a cellular structure on the order of 40-100nm, both near
the chill zone and in a dendrite arm , and distinct mottling or speckling on a
scale of 2-5nm,

ol

oy, 8, 4 8 1

Acta Met. (Submitted)

._
L

= EOS

LT BRSNS
Ld -

23

AT O, o O A ) - AN) OO O YAy | W MO ) G AN 0 TR Ny, B AA ",
* “"“ L""."~ . 7\" gt -l“*‘l‘:'i.q\'.- l?“ LA R \‘t . H‘!’)‘.-.‘&ihw\h‘. »"’E‘ “".,‘ ".‘-. "‘c .‘-J (N ");‘lqi.i';‘\ '.', 0\',1‘. (S l.x‘l‘u




A Fu

_ T R Tl -
— T T N A N TN T

L e 1 S

1. Introduction ,
The finding by Shechtman et all of 2 metallic alloy which shows both icoso-

hedral symmetry and sharp diffraction peaks has proven to be 3 remarkable

discovery. Closely following the experimental announcement was a letter by

Levine and steinhardt? in which a theoretical framework for such quasicrystalline

structures was outlined. As noted by Levine and Steinhardt?, Penrose3 had shown

some years earlier how to tile completely 3 two-dimensional (2-D) surface with

‘elements that preserved pentagonal orientational order while necessarily sacri-

ficing periodicity. The Penrose scheme was elaborated upon by Gardner,? Mackay®

and Penrose himself6 and it was Hack;ys who first suggested the application of
these modeling schemes to real three-dimensional (3-D) solids. Penrose has
also noted/ that in building his aperiodic tilings from two basic rhombi, even
while carefully obeying local matching rules to insure that 2 large tiled sur-
face will be filled, one invariably runs into trouble as the tiled surface grows
outward from the chosen nucleus. By “trouble" we mean that sites eventually
crop up at which the local rules cannot be satisfied. These defects can,
however, be incorporated in the 2-D surface and the tiling can proceed without
loss of orientational order, i.e. the orientation of an element outside the

defect is the same as inside.a.

We mention this aspect of quasicrystalline order at the outset because we

believe (with others) that all crystals grow via local rules. In the case of

the melt-spun quasicrystalline alloys, however, local rules do not build a suc-

cession of repeating cells, whatever the local molecular or isosahedral con-
figuration in the melt may be.? Defects seem thereby to be considerably more
a concomitant of the growth of quasicrystals than of crystals (where they aid
growth), and it will-be partly the purpose of this paper to bring both our own

observations and those of others to bear on this question.
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Theoretically, one can construct an infinite quasicrystal through the use
of projection crystallography in which a higher dimensional space (e.g. z6) is
employed. The dimensionality is given by the number of independent orthogonal
a s, or 1;dependent wave vectors 10, required by the structure in question.
For example, as Zia and Dallasll and Elserl? show, 2 one-dimensional (1-D)
aperiodic sequence can be constructed from a 2-D square (X-Y) lattice by projec-
tion of all points within a given band onto a line, the tangent of whose angle
with the X-axis is irrational. Both the sequence and its Fourier transform can
thus be generatedr which provides a straightforward analytical method for calcu-
lating the scattered x-ray intensities. Elserl? and Cahn et a1 13 have indepen-
dently applied this cut and projection method to 3-D quasicrystals and have
indexed the observable peaks in the electronl and x-rayl4 diffraction patterns
and provided an estimate of their intensities. Kuriyama and Lon915 have deve-
loped an alternative scheme for analyzing these patterns which gives an equiva-
lent inde: ‘ng of the lines and some insight into actual atomic positions. How-
ever, an unambiguous assignment of atoms to sites remains to be done. The
influence of defects remains a problem as well in spite of the perfection of an
infinite quasicrystal that may be obtained by projection from the Z6 space.

The available quasicrystalline material is obtained through quenching or
vapor deposition as a metastable product intermediate between the glass, in
which icosahedral order may prevailg. and the crystalline phase(s) which are
usually quite complex and thus slow-growing; the microstruc-ure is therefore
fine-grained. Electron diffraction can explore the struct re within a single
grain as in Ref. 1 and subsequent work16-20, In particular Bursill and Linl6,
Hiraga et al 17 and Portier et al 18 show very high resolution electron

micrographs of the structure of an AlgMn 21loy projected along high symmetry

axes. The image of Hiraga et 2117 down 2 5-fold axis extends over an area of
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~ 350 x 250 A% and reveals striking detail not only on the 5-fold orientational
order and the Fibonacci-like sequence of projected potential but also on the
nature of the defects alluded to earlier. This work and the recent work of
Tanaka et 2120 provide important clues to our understanding of the structure and
defect content of *hese materials.

Unfortunately, however, transmission electron diffraction and microscopy

are of limited use in 2 quantitative structural study because the diffracted

"dynamical intensities must be treated within an n-beam multiple scattering for-

malism and are tHereby not immediately useful for evaluating structure factors.2l
X-ray or neutron scattering on bulk samples must be employed, but these patte~ns
are complicated by the powde - averaging over the quasicrystalline reciprocal
lattice. The study of Banc:1 et all% represents the fiist serious attempt to
analyse such a powder pattern from quenched AlgMn. Their (preliminary) indexing
scheme has since been shown to be incorrect1Z,13 and their pattern had quite
intense Al reflections, indicating a large volume fraction of Al rejected during
the growth of the quasicrystal phase. An interesting finding, however, was their
measurement of very broad powder lines indicating a mean correlation range of ~
300". This is nominally at variance with dendrite arms of ~ 1um in the electron
microscopic images, as Bancel et all4 note, and should be attributable to defects
because a perfect quasicrystal will have é-function peaks.

In the present paper we present observations on the quasicrystalline
microstructure of 2 series of three spin-quenched alloy ribbons of composition
Al 74 Mn_2q Si_ggs Al 72 Mn 22 Si gg 2and Al jg Mn o4 Si gg. These three alloys
fall within a domain previously found?2 to be considerably more stable on heating
and to consist of nearly pure quasicrystalline material. We have used x-ray
scattering, scanning electron microscopy (SEM) and transmission electron micro-

scopy (TEM) to measure structure on scales from tens of angstroms (nanometers)
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to tens of microns. It is our purpose to elucidate the various length scales
(sizes) of macro- and microstructures that appear and to correlate results
obtained by different methods thereby providing insight not only on the struc-
ture itself but also on the way it grows.

2. X-Ray Scattering

As noted above, our experiments are on the three alloys of Al g4.x Mn, Si gg

where x is .20, .22, and .24. A1l were prepared by R.F. Schaefer of the NBS by
melt spinning which resulted in brittle ribbons which broke into flakes on the
order of 2mm x 2-4mm x .035mm. For x = .20 and .22, the as-quenched flakes were
annealed at 450°C for one hour. For x = .24 they were examined as-quenched.
Both x-ray photography and diffractometry were done on intact flakes of the
alloys. Our overall aims were the following:
1) to use photographic methods both to record a large number of diffraction
peaks to compare with theoretical predictions and to examine single quasicrystal
grains;
2) to measure texture in the quenched ribbons;
3) to determine grain size in these ribbons;
4) to measure carefully the profiles of the strong l1ines using moderately high
resolution diffraction.

a. Transmission Pinhole Photograph

The x-ray diffraction photography proved particularly useful. Fig. 1 shows
3 39 hour transmission pinhole photograph taken with the incident beam normal to
a flake of x = 0.24. The source was a RU-200 rotating anode supply with point
focus geometry and a Mo target operated at 40kV and 150ma. The incident colli-
mation produced a beam of ~ 0.75mm diameter on the sample with a divergence of
1.0° and a2 sample-film distance of 72.5mm. A total of 19 lines could be
observed on the original film but only 16 survived reproduction and these are

labeled in Fig. 1(2a). Although 2 .003 inch Zr filter was used to remove MoKg

radial white streaking associated with the strong spots around a Debye ring is
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still visible. Photographs taken with a conventional sealed-tube GE XRDV unit
and identical collimatfon produced quite comparable pictuées from x = ,20 and
.22 but they showed fewer 1ines and required considerably longer exposure. Sev-
eral aspects of this film are noteworthy:

1) Some of the Debye rings are distinctly spotty, while some are less so
and still others appear continuous.

2) Because the flake is so thin and MoKa is used (ut ~ .09) both front and
back diffract equally.

3) The intensity is uniformly distributed about the rings, {.e. there is

j ~. = ] } - - [ o ) [ ] = s

no texture about 3 normal to the flake.

4) There is only one intense ring attributable to Al at the (111) position

(see Table 1), and its intensity is ~ 1/20 - 1/50 of the strongest icosahedral

phase lines. The Al (220) is barely visible,

5) The pattern is quite weak, If one were to take a similar photo of 2

fine-grained Al foil of comparable thickness, the exposure would be on the order

of several hours, or an order of magnitude less than required here, This {s
because the diffraction pattern of 5 quasfcrystal fills all reciprocal space with
peaks of varying strength. A crystal directs the same kinematic intensity into a
small number of strong lines whgn the unit cell is small,

We have indexed the pattern in Fig. 1 following the scheme of Cahn et al3d

who have chosen an orthogonal set of six 5-fold axes in 25 which are composed of

> u

two groups related in a cyclical fashion about a 3-fold axis. Alternatively, an

fndexing in R3 may follow the m35 point group description of Miller indices?d '
in which a six index notation is used in conjunction with an orthogonal set of
> three 2-fold axes. In this indexing hkl and h'k'1' refer to units of one and

M T (the golden ratio = 1.618034), respectively.

i

b - -
R
" * .', ,"

" .. ' Ay . ""
RIS A K Y

2 3w e o
' AN P ) 1, V00 3% ) ) W %t W nJ Ca <, 10 .
. '! S "“"" AARIRNICIN LX) .Tr‘. 4'!"\"1"‘e"‘-"’n"'ﬂ"-!"-"’!“:’!" - 10'."..1' .t!. hbe M0l M l,ta%.‘?whsé!‘.' |~ X




The indexing scheme of ElserlZ, in which the index numbers ny (1=1,6) are
along the orthogonal axes in Z5. uses the six 5-fold axes in R3 related cycli-
cally about the one that is acute to all the others. Bakl0 has also suggested
such 2 choice of wavevectors. The methods of Elser? and Cahn et al 13 are basi-
cally equivalent and give the same diffraction peaks; but the calculations must
be carried out to enough hierarchies of intensity to account for the experimental
observations. One cannot, however, be too arbitrary in picking a very weak
member of the (infinite) set of peaks in order to fit a stray candidate. The
calculations can only estimate intensity through the separation of a point in the
higher dimensional reciprocal space from the cut plane used in the cut and pro-
jection method. The identity of thé atoms is not included (the cell is primitive
in 26) and it is therefore remarkable that there can be rough agreement between
calculation and experiment. In the neutron patternl4, fsr example, the array of
weak and strong peaks is very different from the x-ray case. Because the neutron
scattering length for Mn is negative, this difference between neutron and x-ray
intensities {s clear evidence both for ordering and for a more complex basis set
than {s considered by theory12-13.

The indexing of the peaks along with estimates of their intensities is pre-
sented in Table [. The estimation of Q (= 4wxsing/1) from the film is done using
the Al (111) line as a marker and then refining. Film shrinkage, even {f uni-
form, produces 3 shift in Q which increases with increasing ring diameter and
our estimate of Q is thus not very accurate. Still, the fit is quite acceptable
and only the (111) and very wezk (220) lines of Al 2are visible. All other lines
can be indexed using the lowest hierarchy of predicted quasicrystal intensities.
The material is therefore essentially single phase. The index N in Table [ is 2
convenient notation from Cahn et atl3 referring to the integer part of 02 (as
opposed to its r-component), and it is numerically equal to twice the sum of the

squares of the given indices in 26, N therefore takes on only even values 3s Q
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increases. Following Cahn et 3113. 05z (the square of the length of 2 6-dimensional
vector, Qg, in 25) may be given in dimensionless units as'052 s N2+ 1), N
therefore is a direct index of the length in Qg spice 2nd thus in the real
experimental Q space.

The intensity estimates in Table I are left in units of 1/Q., where Q. is
the distance of a point from the cut plane13. because our intensity comparison, |
using Fig. 1, is not particularly reliable. As we sh2ll see, the spotty rings |
imply 2 large grain size and we are thus somewhere between a single quasicrystal .
and an ideal poly-quasicrystal., We therefore leave accurate intensity estimates |
to more complete neutron and synchrotron powder data , although our own powdered
sample results agree quite well with the intensities from the intact flake. The
qualitative comparison in Table I is reasonable in that peaks expected to be strong

are indeed strong especially if we include multiplicity factors.

The spotty Debye rings, shown more clearly in Fig. 1(b), are of particular
interest because they are evidence of single quasicrystal grains and suggest the
Possibility of high resolution x-ray microtopography on a single one of these.

In a polycrystailine sample of grain size > 1-2um, photographic methods have tra-
ditionally been employed to estimate the grain size.25 It is a useful quantity
referring to the size of a singly orfented grain of the 2ggregate, whatever {ts
defect content or external morphoIogy may be, It is straightforward to show

that the number of spots, M, on a Oedbye ring {s given by25

M = lpupcosede (1)

where u {s the number of crystals or grains in the x-riay beam and p is the multi-
plicity of the reflection in question (which in our case is the number of members
in 311 sets in 26 with the same N); p=12 for 3 5-fold axis, 20 for a 3-fold axis,

30 for a 2-fold axis, and 60 for a mirror plane; p = 120 is the general case,

0 is twice the Bragg angle, and dO is effectively the divergence angle of the
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x-ray beam. The mean volume v of 2 single grain will be V/u, where V {is the

irradiated volume, so that:

v =V = Vpcose de (2)
u gﬂ

A careful counting of the spots in the N=18 ring (no. 5 in Fig. 1(a)) at
Q = 2.89A°1 yields a value of M = 250 +10 for all three compositions. Using p =
12, do =10 and V = ;_Qit, with D = .75mm and t = .035mm, we obtain v = 5970 m3-
Thus, if the grain is a cube, it is about 18 um on edge. In as much as the flake is

only 35um thick this means an average of only a couple of grains per thickness.
From the enlargement in Fig. 1(b) it is clear that many of the spots are
elongated radially. This requires that the overall grain shape be elongated nor-
mal to the flake, or somewhat columnar. We may assume for these elongated grains
that they extend completely from front to back but are randomly oriented with
respect to the ribbon surface. In this case the grain length is ~ 35um with a
concomitant cross-sectional area of 171um2 or an average extent on the flat
ribbon face of 13um.

Note that the N = 18 peak has 2 multiplicity of 12 and reveals the indivi-
dual spots clearly. N = 20 is a 2-fold axis with p = 30 and shows a denser irrny
of spots. N = 38 with p = 60 is a more nearly continuous ring, while N = 52 has
p = 30 and 2gain is spotty. In other words, the spottiness of the Debye rings
provides a further corroboration of the indexing scheme through the dependence
on p. This spottiness, however, prevents us from accurately assessing the
intensity. On the one hand, we should compare individual spot intensities' from
ring to ring without a multiplicity factor, as in a single crystal. But for
continuous rings a multiplicity factor is, of course, necessary.

We note also that the x-ray rings, particularly for the peak associated
with the 5-fold axis at N = 18, demonstrate 2 weak continuous background ring
under the isolatec spots. This we associate with a small fraction of fine-grained

material, of about 3-4um in thickness, formed as a chill zone against the cold
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wheel, If these grains, as we shall see from SEM and TEM, are ~ .4im in size,
the number of spots from Eq. (1) is ~ 105 and the ring appears continuous.
b. Diffractometer Scans

In Figs. 2(a) and 2(b) we show diffractometer data from a sample of x =
.22 using a CuKaj beam off a bent and ground Ge (111) monochromator. The sample
was an intact flake of dimensions similar to that used in Fig. 1 and it was
mechanically oriented for both synmetrical reflection and transmission. A
sealed x-ray tube was used at 40 kV and 40 ma and intensity was sacrificed for
resolution where'the instrumental width was on the order of AQ ~ .007A°1 at i
(400) and no CuKap was observed. The beam was focused approximately onto the
sample and was confined by slits. While CuKa is not ideal in these samples
(it fluoresces Mn) it was used both for resolution and for the fact that it is
absorbed more than MoKa and the sample is thus more nearly of ideal thickness
for transmission (ut = 2.08 versus 1.0 for ideal).

The intensity was nonetheless extremely weak and the scans in Figs. 2(2) and
2(b) required long times, at 0.5 cps, to accumulate ~ 500 counts at the peaks.
These two peaks are the N = 18 and ﬂ = 20 of Table I which are the 5-fold and
2-fold axes respectively at Q = 2.892°1 and Q = 3.042-1, They are the strongest
peaks in the pattern and are the ones indexed by Bancel et all4 as 100000 and
110000, It is clear here as {n Fig. 1 that the Al content is quite low as there
is no evidence for an Al (200) reflection at Q ~ 3.10A-1 whereas in Bancel et
a1l4 it js about as intense as the quasicrystal peak at Q = 3.042-1, Most
apparent in Fig. 2 is the absence of texture because the ratio of intensities,

I(N=20)/I(N=18) is essentially the same in reflection and transmission.

The spottiness of the rings enters here as well and we must be careful
not to assign too much significance to the value of I1(N=20)/1(N=18). It may be dul
in part to the increased multiplicity at N=20 which fills in the Debye ring more 7
densely. The diffractometer trace cuts through the rings in Fig. 1 with 2

narrow detector slit so that we exahine only those grains oriented to diffract
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2 into this s1it. Within the irradiated volume used here there are only a total

.I of 250-300 grains and our statistics are not terribly good. For good powder

. statistics one should examine more grains by spinning the sample or using MoKa

t. and 3 larger sample, but then one loses the opportunity to measure grain size as

" in Fig. 1 and to assess texture. CPulverizing the sample doesn't help {f it is

b 3lready random., We did, however, fill 2 0.7mm Lindemann capillary with crushed

~ flakes, and take 3 photo as in Fig, 1. The rings from this thicker sample were

X continuous and of the same relative intensity as in Fig. 1, indicating the

S; absence of texture.

. Table Il summarizes the quantitative results on texture for x = 0.22 and

Sa x = 0.24. While the peak ratios vaéy with composition, at neither composition,

.. given the provisos about statistics, do they vary significantly between reflec-

5: tion and transmission. With no indication in Fig. 1 of iexture about a normal

' to the flake, nor any in Table Il as we rotate 90° about a line in the surface,
we conclude, together with the capillary results, that there is very 1ittle tex-

;i ture. This is not surprising for a chill zone with fine grain size. But it {is

) unusual for grains that, as we shall see, appear columnar and extend essentially

; from the front to the back of the flake.

Figs. 3(a) and 3(b) 2ddress the issue of the limited correlation range first
és reported by Bancel et 2114, In that work, 311 peaks appeared broad and the peak
" (N =20) at Q = 3,041 appeared still broader. We have fit our peaks with
g Gaussian profiles convoluted with the instrumental resolution function measured

off a perfect Si crystal. Fig. 3(2) shows the result at Q = 2.894%°1 (N = 18).
The fit is good given our statistics and the Gaussian width translates to a
: ‘i correlation range, L, of ~ 3304, where AQ=2n/L. The correlation range for
) x = 0,20 is = 380A&, while for x = 0.24 L = 480A. This latter value is, to our
iﬁ knowledge, the largest correlation range observed in quasicrystalline material

e and we 3re currently doing high-resolution microscopy on this material.
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:aﬁ! At Q = 3.044-1 (N = 20) the profile cannot be fit by a sfngle Gaussfan as
o it shows an asymmetric shoulder to low Q. The next simplest fit uses two i
{§§ Gaussians and that fit is indicated in Fig. 3(b). It is again satisfactory but i
.%J not perfect, especially on the high Q side of 3,041, Table III 1lists the
gﬁv values of the Q positions for the two Gaussians and their separation for the |
"k three samples. Very roughly, the value of Qp - Qp (peak minus shoulder) is of
B the same order as the inverse correlation range or peak width at either one, where I

. Aol'and 8Q are the unfolded Gaussian widths at each. Both Qi and Q; appear to
é*ﬁ_ increase with increasing Mn content as shown by Schaefer et 2126 for the pure l
E;ﬂ Al-Mn quasicrystals. The ratio of the height of the peak at Q; to that at Qp
{~f decreases as the perfection (correlation range) increases, where we treat x = 0,20 q
:? and x = 0.22 as nearly equal when both (N=18) and (N=20) peaks are used.
?;E The asymmetric broadening of the peak at Q = 3.04&'1, together with a sym-
’ metric profile at Q = 2.89A'1. appears as well in the neutron diffraction
2$_* pattern.z4 With neutrons, however, these two peaks are weak, not only with
i?fm respect to the Al lines but also with respect to several other quasicrystalline
‘ii peaks. Whether our fit to two Gaussians at Q = 3.0421 is correct (appropriate)
ﬁﬁk or only an interesting fit cannot be completely answered and we will return to
?5} this point in the Discussion.

e 3. Scanning Electron Microscopy (SEM)
i‘:s The x-ray photographic observation of a grain size on the order of 18um at
f:ﬁ all three compositions, together with the absence of texture, suggested a SEM
h‘a study of the flakes used in the x-ray work. Fig. 4(a) shows a fractured flake
;ﬁi of x = 0.20 in cross section. The surface in contact with the copper wheel is ‘
b % at the top where we can see 3 chill zone on the order of 3 few microns thick '
~£$' before the decidedly columnar structure takes over. This structure is charac-
iii terized by clusters of dendrite arms of approximately 0.6um in dismeter that may
f{; be seen in the center of Fig. 4(b) which was taken at the bottom of 4(3). Our ‘
L
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ability to see the dendrite arms depends upon appreciable shrinkage of the

l' 1iquid remaining aftef the arms have grown. This is a classic growth phenomenon

o in which the last liquid surrounding the dendrites shrinks back on solidification.2’
o The extension of the elongated structure froﬁ the wheel side to the bottom sur-

sf face of Fig. 4(2) suggests a grain size in this material comparable to the sample

¢ thickness.

Sé Fig. 5 s taken on the chilled wheel surface and shows an interesting

morphology. Rather than the dendritic structure typical of the region away from

the wheel, we see a dense arrangement of geometrical shapes with a couple of

L4

e

“» well-defined pentagonal dodecahedra that happen to be isolated enough to be s
‘c distinguished. This surface side of the chil) zone in Fig. 4(a) is thus charac- "
;ﬁ terized by geometrical quasicrystalliites with clear evidence of dodecahedral D
“ symmetry on a scale of ~ 0.4 - 0.5um., While such (nominally) non-crystallographic E§
i' external shapes have hitherto been associated in fine particles with internal ;
. microtwinningZ8, which has also been suggested for quasicrystals29, the over-

37 whelming evidence in quasicrystals would seem to rule out this interpretation,18,30 E
‘5 The dodecahedra in Fig. 5 then may well be nice examples of external shape

g reflecting internal symmetry. The pentagonal faces can be associated with pla- ,.
::( nes in which the rapid growth direction is normal to a 5-fold axis so that pen- X
v tagonal facets grow out and tcuch, Alternately these facets may reflect more an :
gs equilibrium shape determined by anjsotropic surfiace energy rather than kinetic ;
) factors. E
'ﬁ The distinction between the morphology at this surface and the dendritic E
. regime above the chill zone, where the dendrite arms represent instabilities "
o leading to a growth along 3-fold axes26, is shown in Fig. 6. In interpreting ?
ii these SEM photos it should be kept in mind that there are ten 3-fold axes along ;

which dendrites may propagate assuming, of course, that these alloys follow the

¢§ same growth mode 315 the pure Al-Mn 3l1loys. Figs. 6(2a) and 6(b) are of the sur-
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face of 2 flake of x = 0.20 away frob the wheel (the bottom surface in Fig.
4(3)). There are clear indications of oriented clusters of dendrite arms from
which the last liquid has shrunk away., Figs. 6(c) and 6(d) are of an identical
surface from the same material etched for a2 few seconds to reveal overall
morphology and distribution of quasicrystal dendrite clusters. From Figs. 6(c)
and 6(d) in particular we may estimate the size of the contiguous clusters that
cover the surface to range between about 12-2]1 wm. This is quite close to our
x-ray estimate and enables us to identify a coherently diffracting grain of a
single orientation as a single quasicrystalline dendrite cluster. That these
seem to be randomly oriented may be inferred both from the x-ray work and from
the surface of Fig. 6(3) where pentagonal sections are occasionally but not
always observed. The small quasicrystallites that remain at the surface in 6(a)
would appear to be the fragmented ends of dendrite arms.

With this confirmation of the x-ray estimate of from one to, at most, a few
grains per thickness, the absence of texture in this columnar structure becomes
more remarkable., Assuming the dendrites to be instabilities nucleated at isolated
“crystallites® in the chill zone, they can grow in a great variety of directions
because of the high multiplicity and still retain an approximate columnar
appearance, To illustrate this variety we found a2 region of the surface of Fig.
6(a) which had broken away to reveal the interior. Fig. 7(a) shows the boundary
of such a region with the adjacent top surface while Fig. 7(b) shows an area
completely exposed. The shrinkage is very clear here--no etching (or decanting)
has been done--and the range of dendrite orientation, each cluster belonging to a
separate quasicrystalline grain of unique orientation, is notable. The sizes of
the packets or clusters varies in Fig. 7(b) from about 9um to about 18um. The
width of the arms isolated by shrinkage is 3gain quite regularly between 0.5um

and lum,
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4, Transmission Electron Microsco TEM

We present here limited TEM observations on thinned flakes of the same
material, at x = ,20, examined in Figs. 6 and 7. Fig. 8 is a bright field
micrograph taken from a region that must lie well below the level of the shrink-
age seen in Fig. 7(b) because there is no evidence of porosity. In fact,
although the sample was thinned from both sides, the section in Fig. 8 is most
likely close to the wheel side or chill zone. Large macroscopic g/ ains of about
0.6 -0.8um, comparable to the size of a dodecahedron in Fig. 5 or the width of 2a
dendrite arm in Fig. 9, are seen in bright and dark contrast with edges that
appear somewhat scalloped. Internal to these grains, and most visible when the
grains are off the direct strong diffraction condition, is a rather regular
array of cellular structure whose size is around 40-120nm. This structure
resembles the cellular growth pattern associated with mo&erate growth rates
during solidification in which the depleted liquid is rejected to the boundaries
as the crystalline (or quasicrystalline) front advances. The scale is, in addi-
tion, clcse enough to suggest a relation to the 300-400A correlation range noted
earlier in connection with the x-ray profiles.

To test the interpretation of cellular growth in Fig. 8 we carefully
thinned another flake of the same batch at x = 0.20 to permit the observation of
dendrite arms near the surface opposite the wheel. Clearly substructure in a
single dendrite arm cannot be due to cellular growth. Figs. 9(2) and 9(b) are
from such an area viewed in the weak beam dark field (WBDF) mode. In this mode
the deviation from the exact Bragg condition is substantial and strong dynamical
contrast effects such as bend and strain extinction contours are absent.
Instead, contrast arises from regions of the sample that vary slightly in orien-
tation and thus in the degree to which they approach a stronger diffraction con-

dition. In Fig. 9(2) the entire left portion of the sample is nearer strong
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diffraction. At the right the WBDF condition is more nearly satisried and we
see an array of substructure boundaries or cells, albeit ﬁomewhat less well-
defined than in Fig. 8. The size, however, is similar, namely 50-100nm. In
this case, where the substructure boundaries diffract more strongly, we cannot
attribute the boundary material to rejected Al because the image is taken from
a single dendrite arm. In addition, 3s is clear in the enlarged image in Fig,

9(b), there is distinct mottling within a cell on 2 scale of ~ 2-5nm, similar to

‘that noted by Field and Fraser2d and attributed by them to possible microtwinning.

As we noted above, microtwinning in these 2l1loys has essentially been eliminated
as an explanation for their remarkable microstructurel8,30, but the 2-5nm
mottling remains interesting and has a1so been seen recently by Urban et alld,

6. Summary and Discussion

We have presented here a series of x-ray and electron microscopic obser-
vations of quasicrystalline structure covering a considerable range of length
scales or sizes. Our principle results include the following observations:

a) The absence of texture is established in quenched flakes of Al g4-x Mny Si o6
with x = 0.20, 0.22 and 0.24.

b) Spotty Debye rings are seen on an x-ray photograph, giving clear x-ray

evidence for single quasicrystal grains, from which a mean grain diameter (depending

on sample shape) may be estimated to be between 13 and 18um. This means that a
flake of ~ 0.035um thickness has at most only 2 few grains across its thickness.
¢) The indexing of our powder photograph is accomplished using the scheme of
Cahn et 2113 to show that, aside from weak residual Al lines, the material is
single phase quasicrystalline. Both rough intensity comparisons and the syste-
matic trend of spottiness in the Debye rings confirm the indexing.

d) High resolution diffractometer determinations are made of correlation ranges
of 330-480A, the latter being the largest correlation range reported to date.

The general range, however, agrees with Bancel et 2114 3nd Mozer.24
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e) We measure an asymmetric low-Q shoulder on the 2-fold peak at Q = 3.04A-1

! - which is absent on the 5-fold peak at Q = 2.892~1, This is again similar to the
. report of Bancel et a114 on an anomously broad peak at Q = 3.042-1, but our pat-
':i tern is cleanér and we can fit the peak using 2 Gaussians whose separation is
5! comparable to the inverse correlation range. As the Mn content, x, increases
- from 0.20 to 0.24 the correlation range appears to increase somewhat and the
X 4 relative heights of shoulder to peak at Q = 3.042"1 decreases, f.e. as the
‘ material becomes more perfect, the asymmetry may perhaps diminish.
53 f) SEM photos on a typical flake from the batch at x = .20 reveals a chill zone
. of ~ 3um at the wheel surface followed by a dendritic growth mode. At the wheel
' ég surface, one can detect a dense :réay of geometrical shapes assumed by the soli-
:} dified alloy, among which are isolated pentagonal dodecahedra. Ruling out
< microtwinning as a cause of this external shape, we may take it as a consequence
iB ’ of internal symmetry. At the opposite surface, pronounced shrinkage is observed
) which occasionally reveals a pentagonal external morphology of a dendrite
2 cluster that terminates at the surface. Below the surface there is a dense

array of dendritic clusters whose arms are ~ 0.5 = 1.0um in diameter and whose

1 =

lateral extent, both at the top surface and below, {s comparable to the x-ray

grain size determination of ~ 13-18um.

3

- J'

e g) TEM reveals, in both bright field and weak beam dark field (WBDF) images,
f& an assortment of substructure. On a 1-2um scale there are grains near the wheel
o

surface as well as dendrite arms near the opposite surface. Within the grains

is 2 reasonably regular array of substructure boundaries on a scale of 40-100nm,

M

which appears as well--though perhaps less regular-- within a single dendrite

R

arm thus ruling out segregation as a probable cause., Inside these cells, whose

boundaries are brought §nto strong diffraction and appear bright in the WBOF

s

image, is 2 mottled or speckled contrast on a scale of 2-5nm which again suggests

Bl
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a uniform distribution of very small regions oriented at slightly varied angles
with respect to each other and the beam. While the substrﬁcture boundaries
occur on a scale comparable, at the lower limit, with the correlation range of ~
400A (40nm), the mottling is on a much finer scale. The asymmetric line shape
or low-q shoulder on the 2-fold peak (N=20) suggests 2 few possibilities of
interpretation. The first, most straightforward, explanation {s that it is a
quasicrystalliine peak not listed in the lowest hierarchy of intensity given in
Table I. It will generally be true that the intensity of a peak will fall off
very rapidly with its distance from the cut planelZ,13 and this conclusion is
modified only by the realization that the bounded volume in Z6 introduces
ripples into the transform “fall-off* function so that a peak far away from the
cut plane may by chance pick up intensity from a secondary ripple. In addition,
because we do not know the actual structure factor, but only that for the primi-
tive lattice, there may be some systematic surprises, even in the close vicinity
of 2 strong peak,

The main candidates for the extra peaks in Table IIl at Q; = 3.025a°1
(x=.20), 91 = 3.0314-1 (x=.22) and Q) = 3.035A"1 (x=.24) are those whose values 1

can fit the measured ones, scaled to concentration, and which are closest to the
cut-plane. Table IV gives the only two possibilities we could profer. Only one

of these is appropriate at all x, and the scale factor must be adjusted accor-

dingly to have its Q value slide with composition.

While it is tempting to assign one of these (which one depends on our exact
choice of scale factor or "lattice parameter"), we can see that the values of Q¢
are quite large compared to the stronger peaks in Table I. They are therefore
intrinsically extremely weak, even with their large multiplicity factors.
Without evidence for .a more complete set of observed peiaks or shoulders whose
predicted intensity is so low, we are reluctant simply to assign the indices in

Table IV to the shoulder in Fig. 3(b).
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Another interesting source of asymmetrical broadening of the 2-fold peak,
which leaves the 5-fold peak symmetrical, is the possibility of a cubic
approximant3] to the exact quasicrystal, generated by a near-irrational cut fn
26, Choosing a cubic cell size, a,, of 53.545R as suggested by Cahn et a130,31 ¢4
give good agreement with positions of the other 1ines in the pattern, a
splitting (4Q=Q;-Q2) of -0.0052"1 would appear on the high-Q side of 3.04a-1,
Lowering 3, fncreases aQ but ruins the rest of the pattern as the quasicrystal
is not, in fact, cubic. A lower symmetry approximant may produce a greater
splitting but it splits the 5-fold peak as well,

It might also be possible to explain the shoulder as a contaminant peak
from one of the other phases that the system exhibits.26 This also seems
incorrect, however, as the shoulder appears in a1l our patterns, and §n the
neutron pattern24 as well, without any evidence for the strong peaks of other
known phases.25

An interesting way of looking at defective quasicrystals has recently been
suggested by Stephens and Goldman32 who propose linear (or planar) spacing
disorder as a model for quasicrystalline diffraction from imperfect pentagonal
(or icosahedral) packing. The diffraction from this model, effectively fden-
tical to a defective Penrose tiling in 2 or 3 dimensions, is described by
Stephens and Goldman3Z using a formalism developed by Hendricks and Teller33 for
planar or linear (1-D) disorder which may be applied to two or more incommen-
surate spacings. An interesting consequence of this model is the existence of

asymmetric broadening of selected Bragg peaks together with a considerable
variation in peak breadth with diffraction order. Although all experimental
quasicrystal peaks appear broad, with some broader than others, this model pro-

vides an interesting approach to defective tilings.
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Relevant to this idea are the observations of Hiraga et all7 and Tanaka

et 2120 using high resolution electron microscopy. Fig. 1 of the RITU paper of

Hiraga et all7 shows an image normal to the S-fold axis of a AlgMn quasicrystailine

grain. If one lays a ruler 2long the observed row of spots (or glances down
them) it is clear that these rows, which effectively show the projected poten-
tial, begin and end without losing overall orientation. In other words, we may
assign to adjacent rows of spots in the high resolution image a separation of
.either the unit 1 or the unit <. Thus, in a sequence of three rows with the
spacing 1 + t, as one proceeds down the rows, one row ends and another takes up
to maintain the three parallel but with 1+ v => 1+ 1. This introduces an
array of what may be called sequence faults or errors whose frequency determines
the perfection of the quasicrystal, Measur;ments on Fig. 1 of Hiraga et a1l7
indicate a length of an uninterrupted 1ine varying from 15-25nm (150-250R), with
two of the five sets of lines being considerably shorter than the other three.
This length, over which a 1ine of projected potential remains uninterrupted, is
effectively comparable to a correlation range for the material. Within the rows
there is a spacing of spots which follows a Fibonacci sequence for some distance
until a defect is encountered; normal to the rows we then have sequences
interrupted by faults every 150-250A. The effect of this 1-D faulting, that
preserves overall orientational order but may give rise to local distortions,
could be similar to the caliculation of Stephens and Goldman32 and we are
currently modeling it.

It would be nice to establish a connection between the defective Penrose
tiling, the broadening observed in our diffraction patterns (Fig.3) and the
mottling and cellular-like structure observed in WBOF TEM (Figs. 8 and 9),
should such a connection exist., In this regard, Tanaka et 2120 nave done quite
high resolution electron di“fraction on AlgMn in which they show that the Bragg

reflections actually appear to be composed of 3 collection of spots as if there
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were 3 micro-mosaic spread. Their estimated angular range of one of these spots
corresponds to ~ 300A. This is associated by Tanaka et 2120 with the finite
correlation range observed in x-ray scattering.14 We are, however, tempted to
assign such a micro-mosafc distribution to the WBOF mottling in which case the
length scales remain to be reconciled.

Ultimately we would like 2 description of the quasicrystalline structure
which includes both its idealization and the real structure permitted by the
growth conditions. As Tanaka et 2120 demonstrate quite beautifully with small
area convergent beam electron diffraction, when a quasicrystaliine structure {s
examined on progressively finer sca!es the 5-fold symmetry progressively degra-
des. This is also apparent in the image of Hiraga et 2117 and its optical tran-
form (the exact 5-fold symmetry is lost). Adding defects enhances the effect by
providing 2 1imit to long range order,
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TABLE I. Comparison of experimental data of Fig. 1 with the theory developed
in Ref. 13. Experimental (film) Q values are scaled using the Al (111) reflec-
tion, A theoretical scale factor for Q is obtained by setting Q (theory) =

Q (expt.) at Ring #1. Theoretical intensities do not include form factors,
Lorentz and polarization factors, or multiplicities.

Experiment (Fig. 1)

* I = (1/Qc), normalized to 1.0 at ring # S.

of intensity--see Refs. 12,13.

t 8Q = Qtheory - Qexperiment

ok as defined in Ref. 13 - see text

Theory (Ref. 13)

This is a very rough estimate

2ng . R .-
Ring # D Q{=4wsine/1) I I p Q aQ Index N
(mm) (a-1) (visual) (muit.) A1 a-l (2%

1 26.8  1.635 ms 0.42 20 1.635 0.000 (111000) 6

2 31.2  1.893 w 0.36 30 1.887 -0.006 (111010) 8

3 41,9  2.510 vvw 0.27 60 2.497 -0.013 (2110107 14

4 45.1 2.688 - A] (111) -es  oSsess csoacses  esecocsccewn .=

5 48,9  2.897 s 1.00 12 2.904 0.007 (2111T) 18
6 51.8 3.059) vs 0.59 30 3.054 -0.005 20

7 56.1  3.286 w 0.21 80 3.269 -0.017 (222000) 24

(221117)
8 62.3  3.606 w 0.31 72 3.590 -0.016 (31111T) 28
(222110)

9 74,9  4.228 m 0.51 60 4.215 -0.013 (322110) 38
10 76.9  4.324 v 0.42 60 4.319 -0,005 (32211T) 40
11 79.0  4.421 - Al (220) o=  ccmem scccce  cccmcae- --
12 91.1  4.959 ms 0.95 30 4.941 -0.018 (332020) 52
13 111.0  5.746 w 0.69 60 5.732 -0.014 (43212) 70
14 113.5  5.837 v 0.50 72 5.809 -0.028 (433110) 72

(422222)
15 136.3  6.597 vww 0.20 300 6.599 0.002 (53222T) 94
(443121)
. (443127)
16 150.0  6.991 vw 0.67 60 6.988 -0.003  (533221)
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TABLE II. Ratfos of the peak intensity over background (Ip) at Q = 3.08a-1 ¢o
that at Q = 2.89A"1 for x = 0.22 and 0.24, Reflection data are compared with

transmission data on the same flake.
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TABLE IIl. Peak positions for the two Gaussian peaks fit to the data at
Q = 3.04a1, Qp is the low Q shoulder on the main peak at Qz; AQ is the

FWHM of each. Ratios of peak intensity are also given, i
X Q 4Q1 Q 8Q2 Iy/12 i
(at. fract. Mn) (a-1) (A-1) (a-1) (a-1)

.20 3.025 016 3.040 016 37

.22 3.031 015 3.046 015 .37

.24 3.035 013 3.050 013 .15
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TABLE IV. Candidates for the (assumed) secondary peaks at Qy = 3,025 - 3,035A°1
listed in Table III, that were used to fit the profile at Q = 3.044"1 {n Fig. 3(5).
Qc is the distance from the cut plane in the cut-projection method (see text
and Ref. 13 for notation). Only one of these candidates, scaled for composition
changes, is needed to account for the data.

®
(o]} p Qc Index Index (R3)
(A1) (mult.) (&) (2% (h/h*, k/K', 1/1')
3,027 120 6.704 312770 T 4/0 2/2 2/2
120 130112 0/8 Z/2 2/2
3.031 120 10.482 3213117 6/1 2/0 3/0
120 3T3T21 4/1 2/2 T/a

*  Both of these Q; values are scaled to a peak for N=18 at Q = 2.898A-1,
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FIGURE CAPTIONS

Fig. 1. (a) Filtered MoK, transmission pinhole photograph of an intact flake of
spin-quenched Al 70 Mn 24 Si _og taken with the incident beam normal to
the flake. The numbers are indices to the Debye rings for guidance in
Table I. The spottiness of these rings is an indication of the large

grain size which may be determined from a count of these spots (see text);

(b) 2x enlargement of Fig. 1(a). The radial elongation of many of the
spots demonstrates the elongation, normal to the flake, of the fndivi-

dual quasicrystal grains that are coherently diffracting.

Fig. 2. X-ray diffractometer scans from the x = 0.22 sample using CuKaj radiation.

Measured intensity in counts per second, versus scattering vector, Q =

41rSiﬂG/l.

(1) reflection geometry; (b) transmission geometry

Fig. 3. Fit to the reflection data of Fig. 2(a) using Gaussian profiles convo-
luted with the measured instrumental profile.
(2) Q
(b) Q

2.894A°1, N=18. The inner curve is the instrumental profile,

3.042-1, N=20, The measured profile cannot be fit using a single

Gaussian, The fit shown corresponds to two overlapping Gaussians (see

0 Table III).

7

| .f:‘_.r

Ei;; Fig. 4., SEM photographs of the edge of a flake with x = 0,20, The surface in
Y

contact with the Cu wheel is at the top in (a). A chill zone of ~ 3um
in thickness is present. The remainder of the sample in (2) exhibits a
columnar structure. (b) shows, in magnification near the bottom suface,
the extension of clusters of dendrites growing up from the chill zone
that are reveialed by shrinkage of the surrounding liquid upon solidifi-

cation.




Fig. 5.

Fig. 6.

Fig. 7.

Fig. 8.

Fig. 9.

SEM photograph of the chill zone surface of Fig. 4(a). An outline has
been made of a few of the isolated pentagonal dodecahedra. The clear

geometrical shape of all of the particles is notable.

SEM photographs of the bottom surfacé of the flake in Fig. 4(a) which
is away from the copper wheel surface.

(a) and (b) are unetched surfaces showing the termination of dendrite
clusters revealed by shrinkaée. Occasional pentagonal symmetry is
present. (c) and (d) are etched surfaces revealing the inner dendrite

morphology and, in (c), a rather uniform grain size of ~ 12-21im.

SEM photographs of the same surface as in Fig. 6 at a place where the
uppermost surface layer chipped off to reveal the underlying dendritic
structures and the obvious shrinkage. (a) at the boundary of the chipped

region; (b) into this region.

Bright field TEM micrograph of a region near the chfll zone showing a
macro grain size of ~ 0.6-0.8im with an internal substructure on a scale

of ~ 40-120nm.

Weak beam dark field (WBDF) TEM micrographs of 2 dendrite arm near the
bottom of Fig. 4(a), i.e. away from the chill zone. In (a) much of the
left side of the dendrite is too strongly diffracting., (b) is a magni-
fication of the right side of (a) in which substructure boundaries
similar in size to those of Fig. 8 are visible (bright) along with fine

scale mottling of about 2-5nm in extent.
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Stable and Metastable Phase Equilibria in the Al-Mn System

J.L. MURRAY, A.J. MCALISTER, R.J. SCHAEFER, L.,A. BENDERSKY,

F. BIANCANIELLO, and D.L. MOFFAT

The aim of the present investigation was resolution of certain obscure
features of the Al~Mn phase diagram. The experimental approach was guided by
assessment of the previous literature and modeling of the thermodynamics of
the system. It has been shown that two phases of approximate stoichiometry
"AlyMn" (A and p) are present in stable equilibrium, A forming by a
peritectoid reaction at 693+2 °C. The liquidus and invariant reactions as
proposed by Goedecke and Koester have been verified. A map has been made of
the successive non-equilibrium phase transformations of as-splat-quenched
alloys. Finally, the thermodynamic calculation of the phase diagram allows
interpretation of complex reaction sequences during cooling in terms of a
catalogue of all the metastable invariant reactions involving (Al), A16Hn. i,

u,¢, and AL;q!n, phases.

B

Met. Trans A (Accepted)



I. INTRODUCTION

Despite both technological and scientific interest in Al-Mn alloys, one
can reasonably assert that prior to 1970 the only definitively establlshed
feature of the Al-Mn phase diagram was the melting point of Al. Although the
Alrrich side of the diagram has since been clarified, not all the observed
phases of the system have yet been accounted for as stable or metastable
pha?es, nor have all experimentally observed reactions been interpreted in
terms of a self-consistent picture of the stable and metastable phase
equilibria. Some of the reasons are evident. Mn has been available in high
purity only for the last decade or so; it has a high vapor pressure even at
relatively high Al~content, and it is readily oxidized.

But there lurk more subtle traps that have caught many investigators of
unquestionable ability. Long~lived metastable phaseé occur in surprising
numbers and reactions leading to the stable equilibria are sluggish. No
experiment in this system can be unambiguously interpreted unless the phases
are characterized structurally and the approach to equilibrium is
demonstrated. Most of the reactione seen during cooling from the liquid
state do not pertain to the stable equilibrium diagram at all. Therefore an
analysis of the thermodynamics of the system is needed to construct a
self-consistent model of the nature, number, and sequence of the possible
reactions.

In this paper we present experimental work by differential thermal
analysis, transmission electron microscopy, and x“ray diffraction, on alloys
containing between 12 and 55 at.% Mn. Samples were prepared in the form of
ribbon by splatr-quenching of the liquid. By use of these homogeneous or at

worst very finely segregated samples, equilibrium could be approached far

more raplidly than L using conventional bulk samples. Our results and other
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observations critically sciected from the literature are interpreted in terms
of a calculation of stable and metastable equilibria from thermodynamic
functions, We have revised some features of the generally accepted stable
diagram, aotably>1n the region near 20 at.% Mn. We have also reinterpreted
thermal analysis cooling data in terms of a sequence of six thermodynamically
predicted metastable peritectic reactions.

Considerable experimental work remains to be ddne to verify the details
of this composition and temperature region of the diagram. By the present
study we have established the feasibility of our experimental approach. The
present calculation of the diagram is shown to provide a suitable basis for
interpreting non-equilibrium experiments. While the calculation of the
diagram will be susceptible to improvement as more accurate thermochemical
data are obtained, it places limits, for the first time, on the range of
possibilities for the binary Al=Mn phase equilibria.

II. SUMMARY AND REINTERPRETATION OF THE LITERATURE

Previous experimental studies relevant to the present investigation were
72492 b Taylor [1], Costlecie “nd Kocate:r T, Bix et al. [37, B 2ligs (51
Kono [5], Koester and Wachtel [6] and Koch et al [7]. The latter two st.dies
were confined to more Mn-rich compositions and will be discussed below. The
most striking conflicts occur in the range out to 25 at.§ Mn.

The two most recently proposed versions of the Al-rich side of the
diagram, due to Taylor [1] and Goedecke and Koester [2], are compared in
Fig. 1. According to Goedecke and Koester, the phases labelled p and ¢ by
Taylor do not beiong to the equilibrium diagram, and therefore neither do
peritectic reactions shown at 880 and 822 °C by Taylor. Godecke and Koester

identified ¢ as a metastable phase that participates in two metastable

peritectic reactions L + Al,,Mnu(HT) *+¢oand L + ¢ +» AlyMn; they did not,




however, address question of the stability of the uy phase. Most of the
dirrerenges between these two diagrams can be understood in terms of the

different experimental techniques that were used.

Taylor's was an XRD study of as-cast samples and bulk samples annealed

for two weeks at 750, 810, 850 and 950 °C. The diagram was constructed by

—— - =

assuming that all the observed phases were stable equilibrium phases and
assigning melting temperatures to each from the previous thermal analysis
work by Dix et al. [Bj and Phillips [4]. Evidence was obtained that Al,Mn
can persist up to a temperature between 810 and 850 °C, (supporting Phillips'
thermal analysis and metallographic results), but no direct gvldence was
obtained to associate the melting of ¢ with the thermal arrests observed by
Dix at -920 °C. However, the structures of the phases observed by Taylor
have all been verified by independent studies (that 6r u in this work). The
phases and their structures are summarized in Table 1, using the nomenclature
adopted in the present work.

The investigation by Goedecke and Koester was carried out using thermal
analysie or heating and ~ooling. supported bv metallographic examination but
not by XRD. Equilibration times of 80 days, rather than 2 weeks, were used.
Between 12 and 22 at.% Mn, Goedecke and Koester observed on cooling react ions
at about 880, 860, and 840 °C; but on heating above 800 °C they found only
one melting reaction at 923 °C.

It can tentatively be concluded that the work of Goedecke and Koester
established the melting reactions of the stable equilibrium diagram, but is
not defiritive with regard to the identities of the phases in equilibrium.
The work of Taylor established the structures of phases to be accounted for,

but did not establish their stability ranges.
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Comparison of the two diagrams suggests three ways in which the diagram
proposed by Goedecke and Koester requires modification:

(1) All the phases found by Taylor must be included either stably or
metastably. That Taylor observed no "Al,Mn" at 850 °C and that Goedecke
found "AlyMn" to be stable up to 923 °C, strongly suggests that the phase
that Goedecke identified as "AlyMn" should rather be identified with u phase.
This is consistent with compositions at which y and "AlyMn" (here called i)
were observed by all investigators [1,2,4].

(2) The interpretation of the two reactions at 880 and -860 °C as the
metastable peritectic reactions in which ¢ and u are successively formed from
the melt must be revised, because it is not thermodynamically
self-consistent. As drawn by Goedecke and Koester, the extension of the ¢
liquidus below 860 °C lies above the stable u liquld;s in temperature.
Because a metastable two~phase field cannot extend into a stable single~phase
field, this construction implies that ¢ is a stable phase. This,

however, was not intended by Goedecke and Koester, nor is there any
expe~imenta'! ev’Aence that ¢ §s 3 <“able phase.

(3) There are conflicts about the peritectic temperature at which A16Hn
is formed. Reactions have been reported at 670 to 690 °C (on cooling) and at
about 710 °C (on heating only). It is usually assumed that the lower
reaction is the effect of undercooling and involves the same phases as the
higher reaction. Thus most investigators [1,2,3] placed the equilibrium
peritectic isotherm between 700 and 710 °C. However, Phillips [4] had
disputed this i{nterpretation: he found arrests at 530 °C on both heating and
cooling but none at 710 °C. When the A phase is incorporated into the
diagram, it is plausible to suppose that A16Mn may be formed from either

Liquid + u or Liquid + A and that the two reactions may be near 700 °C.




ITI. EXPERIMENTAL DETAILS

The experimental techniques used in this study were constant
heating/cooling rate differential thermal analysis (DTA), x-ray diffraction
analysis (XRD), and transmission electron microscopy (TEM).

The samples studied were splat—quenched ribbons containing from 12 to 55
dt% Mn, prepared from 99.999% Al and 99.98% Mn. Stated compositions are
starting compositions for arc melted byttons. Some weight loss occurred
during arc melting. No analysis of the ribbon was performed, Zut true
compositions are believed to be within 0.5 atf or better of the starting
composition. Ribbons were prepared by melting chunks of the‘arc melted
buttons and squirting the liquid under He pressure onto a single, rapidly
rotating Cu wheel. Full details of sample preparation and of the TEM
and XRD methods have been given by Schaefer et al. [5]. the DTA
instrument and technique of DTA data analysis by McAlister et al, [10].

III. EXPERIMENTAL RESULTS AND DISCUSSION

In the as-quenched condition, almost all of the samples contained
metastable phases. The only excertions were those with ~ompositiors f=21line
within the equilibrium single phase Y, region.

The approach to equilibrium of the metastable samples under constant
heating rate conditions was studied to assure the relevance of higher
temperature DTA results to the equilibrium diagram and to supplement the
available thermodynamic data.

For many compositions, the approach to equilibrium is quite complex.
For illustration, Fig. 2 shows a DTA trace obtained at a heating rate of
15 °C/min from a sample containing 20 at% Mn. Four distinct exothermic peaks
are observed below 800 °C. The phasés successively present were identified

by carrying out additional heats, in which heating was stopped between




exothermic peaks and the sample quickly cooled, then examined by XRD ana TEM,
The as-splat-quenched 20 at$ Mn sample contained the quasicrystalline
icosahedral [11] and decagonal [12] phases, the latter predominating. In the
first exothermic reaction, the icosahedral phase transformed to metastable
Alsnn. In the second, AlgMn transformed to the decagonal phase. In the
third, the decag;;al phase téansformed to A, and 1; the fourth, A transformed
to u. The subsequent endothermic transformations occurred at temperatures in
excellent agreement with those reported by Goedecke and Koester [2] in
heating of a 20 at$ sample heat treated for 80 days at 700 °C.

Fig. 3 summarizes the DTA (heating) and XRD results for samples
containing from 12.2 to 22.4 at¥ Mn. With the exception of the high
temperature form of Al,iMny, which could not be retained on cooling in the
DTA instrument, all of the phases reported by Taylor tt] in this composition
range were observed. The endothermic events above 800 °C are in excellent
agreement with the results of Goedecke and Koester [2]. The discrepancies
are in the neighborhood of 700 °C.

A)l) af the samnles in the 12 2 t~ 22.4 at% Mn range were also cooled
from the 1iquid. Our cooling results are compared in Fig. 4 with the cooling
data from previous investigations [1,2,3,4].

Overall our results on the equilibrium diagram are in very close
agreement with those of Goedecke and Koester., Of particular interest is the
confirmation of the Y, 3 Al,,Mny(HT) + Y, eutectoid at 957 °C and the
Y, + Y 3 v, peritectoid at 900 °C which they were the first to report.

However, our results differ from theirs in two important respects. They
identified the room temperature equilibrium phase at 20 atf Mn as "Al Mn"
(the A phase), evidently without performing XRD structural analysis. It can

be deduced from the res.lts presented in Fig. 3 that the low temperature




equilibrium phase at 20 at.f% is the uy phase, This leaves the question of how
to incorporate A in the stable or metastable phase diagrams, between AlgMn
and u. Our data strongly suggest that A is a stable equilibrium phase, formed
in the peritectoid reaction AlgMn + u S A at 69342 °C, and that A is single
phase at 18 at% Mn and 680 °C. Fig. 5 presents melting studies_upon which
this opinion is based. These melts were carried out on samples previously
heated to a temperature just below the L ¥ (Al) + AlgMn eutectic to transform
the metastable icosahedral and/or decagonal phases present in the as-quenched
samples. Very near and below the composition A16Mn, a melting event started
at about 720 °C. (Chilled liquid has been observed by TEM in. these samples
after cooling from 750 °C). For compositions above AlgMn to 18 at% Mn, two
overlapping transformations occur, the lower starting at about 693 °C. The
starting temperature of the upper reaction cannot be determined directly from
the DTA traces, but has been estimated via model analysis of slow DTA runs at
15.4 atf Mn to be 706+3 °C. The upper reaction becomes progressively weaker
as the Mn content increases. Interpretation of these results is readily
abkalied o the falo laced diagPenm showa 't Blp. %, 17 it B¢ acsumeu todl o
nucleates easily upon A, but only reluctantly upon AlGMn. For compositions
at or below AlcMn, no A is initially present, the stable reaction L + yu s
A16Hn is suppressed, and the metastable L + Y 5 A16Mn reaction shown in Fig.
4 occurs, with A + u conversion proceeding immediately thereafter. Above the
composition AlGMn. the reaction sequence is different because one starts with
a two phase assemblage of A + AlEMn. The reaction A16Mn + S A occurs
readily, since 1 is already present; then the reaction L + yu b3 A16Mn can also
occur readily because now u is already present. The measured heats of these

reactions are in very good agreement with the heats calculated from the

present model, as shown in Fig. 6.




Samples transformed at constant heating rate in the DTA instrument from
the initial metastable condition often do not have equilibrium phase
abundances. For example, the 18 at% Mn sample initially contained
principally decagonal phase, with a trace of icosahedral, and no detectable
(Al). When heated in the DTA instrument to 670 °C, the sample was found to
contain both A and some A16Mn. However, after heat treatment for two and
seven days at 680 °C, the sample consisted of single phase A. Given the very
small grain size observed in the as quenched and DTA heated samples, we
believe this length of heat treatment adequate to produce equilibrium and
consider this further evidence that 1 is a stable equilibrium phase. Why
then was A not observed by Goedecke and Koester [2] in samples containing 15,
17, and 19 atf Mn? They heat treated these samples for 80 days at 700 °C and
quenched them. In our view, the heat treatment was e;rried out in the
A16Mn + u two phase region, and formation of A was suppressed in quenching.
IV, THERMODYNAMIC CALCULATIONS

The aim of the calculations is to construct Gibbs energy functions
for the Yiquid, feo, Al-Mn, 1, ¢, ¢, and & ¥ phases viiieh nepro uee
the stable liquidus, invariant reactions, and thermochemical data and
predict the metastable phase equilibria.

Gibbs energies of the pure elements are represented in the form

GO = o ="Tg50
where T is absolute temperature, i.e. heat capacities are not taken into
account. For the phase diagram calculation, this means that differences in
heat capacities of different phases are not taken into account. This
approximation proves satisfactory for most phase diagram calculations.

Gibbs energies of the compounds are also represented in this form; that

is, the homogeneity ranges are not taken into account. Moreover, AlyMny




which has low- and high=temperature forms (one with a fairly wide composition
range, the other very narrow) is represented as a single line compound. Our
interest in the present calculations i{s the liquidus, three-phase equilibria
and heats of formation of the compounds. The variation of Gibbs energies of
intermetallic compounds with composition are not central to the present
study, and the homogeneity ranges are in any case not well enough known.

Excess Gibbs energies of the liquid, fcc, and bec solution phases are
represented as polynomial expansions in composition and temperature

G*® = x5 Xyn [A(T) ¢ B(T)(xy; = Xyq) * L Cy(T) Py(xa; = X))l
where Xa1 and Xyp are atomic fractions of Al and Mn; Py are Legendre
polynomials; and A, B, and C are temperature dependent coefficients of the
polynomial expansion. The number of coefficients used to describe each
solution phase was chosen as the fewest requlred to fit the selected
experimental data within the estimated experimental uncertainty.

Thermodynamic data for the liquid come from different experimental
techniques and have different accuracy over the composition range. Heats of
mixing were measured calorimetrically over the whole range by Esin et al.
[13]); the heats have not yet been verified by an independent investigation.
They reach a minimum of =17000 J/mol and are reproduced by a subregular
solution model (A=0, B=0, C=0) with maximum discrepancy of 600 J/mol. The
excess entropy is derived from partial Gibbs energies measured by the emf
technique by Batalin et al. [14]. The data have been assessed by Desai [15]:
the assessed integral excess entropies S*° are negative at the Al-rich end
but positive at the Mn=rich end; they reach a minimum of -5.403 J/mol K at
XmMp = 0.4, with an assessed uncertainty of + 2.5 J/mol K. It is therefore
not clear that even the variation from positive to negative S*3 {s real, and

S I8 represented by one symmetrical term in the polynomial expansion.




The liquid phase Gibbs energy was checked for consistency with the phase
diagram over the whole range. @t intermediate compositions, accurate
calculation of the diagram is rpled out by lack of information about the
structures of several phases whése homogeneity ranges are substantial and
whose Gibbs energies would be required in some detajil. However it has been
verified that the phase equilibria among the liquid™and the terminal solid
solutions (éMn), (YMn), and (BMn) can be calculated from the subregular
solution model for the liquid and estimated regular and subregular
contributions to tne solid phase Gibbs energies. In particular, the Gibbs
energy of the fcc (Al) solution is continuous with that of fcc (YMn) solution
and reproduces the solubility of Mn in fcc Al.

Kubaschewski and Heymer [15] measured heats of formation of alloys
containing 14.2, 20, and 26.7 at.% Mn calorimetrically at 300 to 350 °C. They
estimated that the results were accurate to : 1000 J/mol and reported that
completeness of alloy formation was verified by XRD and metallographic
analysis. It can be assumed that the 14.2 and 26.7 at.% Mn alloys had formed
stable AlgMn and Al,,Mnu(LT) respectively; however in view of the even recent
failure to distinguish A and u, it is not known what phase or phases were
present in the 20 at.% Mn alloy. Therefore, the enthalpies of A16Mn and
A111Mnu are based on Kubaschewski's values; the enthalpies of A, u, ¢ and
were estimated as approximately equal to those of AlgMn and AlyqMny and
adjusted to fulfill the requirement that above about 400 °C, ¢ is a
metastable phase. The range 0 to 30 at.% Mn was calculated. The following
assumptions were made for the calculation of the range 0 to 30 at.% Mn:

(1) The liquidus between 923 and 990 °C is that of Alyq Mny.

(2) At 923 °C there occurs the peritectic reaction L + AlyyMny =+ u.




(3) At about 700 °C two peritectic reactions compete for stability,
L+qpy->* A16Hn and L + A + A16Mn.

(4) The peritectic reaction at 880 °C is L + Al,Mn, + ¢ and it is
metastable.

(5) The ¢ liquidus lies everywhere to the Mn-side of the stable
liquids (i.e. ¢ is a metastable phase).

(6) If u is not considered, then A is the next most stable phase in
equilibrium with the liquid up to about 800 to 830 °C.

These assumptions were sufficient to estimate the entropies of fusion of
AlgMn and Al Mny and the Gibbs energies of u, A, and ¢. The Gibbs energy
parameters are listed in Table 2.

V. DISCUSSION OF THE CALCULATIONS

In Fig 4, six independent liquidus curves are éhoun: those representing
equilibrium with fcec Al, AlGMn. A, u, ¢ and A111Hnn. For any given
composition, the uppermost curve is the stable equilibrium liquidus; in this
calculation the stable liquidus consists of branches for Aly;Mn,, uw and
AlgMn At those points where the 3table equ’'ihbrium crns<°s from one
liquidus branch to another, there occur the peritectic reactions:

L + Aly4Mn + p at 924 °C
L+ u=AlgMn at 705 °C
These are the only peritectic reactions in this portion of the stable
equilibrium diagram, in addition there is a peritectoid solid state reaction
p+ AlgMn + 2 at 693 °C
The other points where one liquidus branch crosses another give rise to
metastable peritectic reactions that can be observed experimentally under
suitable conditions: namely, that the more stable phases cannot nucleate and

grow. A metastable equilibrium diagram can be obtained by imposing the
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constraint that a particular phase does not appear ana finding the next most
stable equilibrium diagram when tnat phase is not taken into account. In
Al-Mn the appropriate phase to omit {s u, and the metastable sequence of

peritectic reactions is:

L+ AlyyMny + ¢ at 884 oC
L+ o - at 847 °C
L+ A + AlgMn at T15 °C

Experimentally the reaction L « Al,,Mn, + ¢ is the most reproducible of the
peritectic reactions seen on cooling. The lower peritectic reactions are
predicted to be the only ones to occur during cooling if each succeeding
reaction proceeds to completion. However, in this system, reactions are not
completed during slow cooling. If it be assumed that all solid phases formed
at high temperature are present (for example Al11Mnd below 884 or ¢ below
BU47 °C), then there are additional peritectic reactions by which they can
decompose to more stable assemblages:

L+ AlyyMny » A 858 °C

L + Aly4yMny + AlgMn 831 °C

L+ ¢+ AlgMn 818 oC
In some cocoling curves, it 1s observed that as many as f{ivc distinct
reactions can occur between 800 and 900 °C, and the present calculation
should be understood as a predictive guide to identifying the phases in
equilibrium in the sequence of reactions. Gibbs energies are not accurately
enough known that the reaction temperatures or the metastable liquidus can be
credicted with any confidence, but the order in which various liquidus
branches cross in the interval 800 to 900 °C is determined only by the

assumption that ¢ and then A appear from the liquid metastably on cooling.
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VI. SUMMARY

The aim of the prpsen; investigation was resolution of certain obscure
features of the Ai-Hn phase diagram. The experimental approach was guided by
assessment of the'previous literature and modeling of the thermodynamics of
the system. It has been shown that two phases of approximate atoichiom?try
"Al,Mn" (A and u) are present in stable equilibrium, ) forming by a
peritectoid reaction at 693+2 °C. The liquidus and invariant reactions as
proposed by Goedecke and Koester have been verified. A map has been made of
the successive non-equilibrium phase transformations of as-splat-quenched
alloys. Finally, the thermodynamic calculation of the phase diagram allows
interpretation of complex reaction sequence during cooling in terms of a

catalogue of all the metastable invariant reactions involving (Al), A16Hn. A,

)

u, ¢, and Al,,Mn, phases.
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Table I. Structures and Lattice Parameters of Al-rich Intermetallic
Compounds (Compiled from the literature by Pearson (8))

Phase Structure Space Lattice
group Parameters (nm)
AlgMn D2y, Cmem a=0.75518
b=0.64978
c=0.88703
A(AlyMn) hexagonal - a=2.841
) c=1.238
u hexagonal - a=1.995
c=2.U452
¢ (AlyoMns) D84 (CopAls) P6,/mmc a=0.,7543
3 > 3 c=0.7898
Aly{Mny (HT) orthorhombic Pnma a=1.479
b=1,242
c=1.259
ALy qMny (HT) triclinic P1 a=0.5092 a=85°19"

b=0.8862 Bg=100°24"
c=0.5047 Y=105°20"'

Y D8,A(CrczAlg) R3m a=1.,2739
2 8
10 > c=1.5861
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Table II. Al-Mn Gibbs Energies Obtained in the Present Calculations

Gibbs Energies of the Pure Components (in J/mol, J/mol K)

G(L,Mn) = © G(AlgMn) = =27215 + 14.95 T

G(L,Al) = O

+

G(1) = =-31518 17.0988 T

G(bcc,Mn) = =~14644 + 9.6395 T ]
6.6944 T G(u) = =34951 + 17.8 T

+

G(bec,Al) = =627.6

+

G(fcc,Mn) = =16401 10.8803 T G(¢) = =35400 + 17.025 T

G(fcc,Al) = =+10711 + 11,473 T

+

G(Aly{Mny) = =35250 + 15.1 T

Parameters for Excess Gibbs Energies of Solution Phases (in J/mol, J/mol K):

A(L) - =68000 + 17T
S « = (.00
A(bcc) = =84000 + 16 T
B(becc) = =11000
A(fcc) = =67950 + 16 T
B(bcec) = 3500
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FIGURES
Figufe ; 1%

Figure 2.

Figure 3.

Figure 4.
Figure 5.

Figure 6.

The Al-Mn phase diagram according to Taylor [1] and Goedecke and
Koester [2].

DTA trace for 20 at.% Mn obtained at a heating rate of 15 °C/min.
DTA and XRD resSults superinmposed on the present assessment of
the stable equilibrium phase diagram. T denotes the decagonal
phase. Phase labels along the bottom of the diagram indicate
structures of the as-=splat-quenched ribbon; other phase lables
indicate structures of alloys transformed on heating and rapidly
cooled in the DTA instrument.

Cooling data from present and previous work, superimposed on the
calculated phase diagram.

A series of melting curves showing evidence of two reactions

L +u3%AlgMn and L + 1 3 AlgMn.

Comparison of measured and calculated heats of the reaction
sequences:

L + A16Hn + L+,

A+ A16Mn +pu+ A16Mn + L+,

and A + yu * u + A16Hn +LF He
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Temperature °C

Figure 3.

Weight Percent Manganese

Atomic Percent Manganese

DTA and XRD results superimposed on the present assessment of
the stable equilibrium phase diagram. T denotes the decagonal
phase. Phase labels along the bottom of the diagram indicate
structures of the as-splat-quenched ribbon; other phase labels
indicate structures of alloys transformed on heating and

rapidly cooled in the DTA instrument.
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