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FLOW-BASED ANALYSES OF METAL DEFORMATION PROCESSES: AN OVERVIEW

by
Joseph F. Thomas, Jr.
Materials Science and Engineering
Wright State University
Dayton, Ohio 45435 USA

SUMMARY

Flow-based analysis of metal deformation processing provides a new design perspective to assess optimum
process variables and workpiece material behavior. Components of flow-based analysis include finite
element computation of process mechanics, realistic constitutive equations for workpiece plastic flow,
and analytical models for workability during processing. Process requirements such as press loads and
maximum 1imiting strains can be determined in terms of process variables such as temperature and preform
design. In principle the strain history of each element in the workpiece can be determined and used to
predict the distribution of properties within the product. The material characterization necessary to
implement flow-based analysis will be illustrated for the hot forging behavior of the high strength
aerospace titanium alloy, Ti-6242.

INTRODUCTION

Over the past several years there has been a widespread interest in advancing the technology of
metals deformation processing. This interest has ranged from scientific questions such as the effect of
workpiece microstructure on formability to interdisciplinary engineering developments such as computer-
aided design. The basic approach adopted in much of this research has been to consider the forming pro-
cess as a system which integrates the behavior of components such as the workpiece, tooling, lubrica-
tion, and equipment. Each component of the system can then be studied separately with the objective of
developing a model based on identified input and output variables. These component models are then com-
bined into an overall simulation model for the process based upon one of several deformation mechanics
formulations. -

The workpiece material model is the most fundamental component of a process model, providing multi-
faceted relationships among the quantitative measures of mechanical behavior and microstructural
response under deformation processing conditions. The scope of the workpiece model 1is necessarily
tailored to the process, but always includes a plastic flow law expressing the dependence of flow stress
on strain, strain rate, and temperature. In some cases, the flow stress is also functionally related to
structure parameters, such as percent recrystallization, which evolve with accumulated strain. In ad-
dition, since deformation processes usually involve multi-axial stresses, a yield function which des-
cribes the dependence of plastic yield on stress state, and thereby provides a definition of effective
stress, is also required. Either singly or in combination, these functions which describe the flow
stress behavior are referred to as constitutive equations.

These constitutive equations enter the forming analysis in several distinct ways. 1In the first
place, an accurate flow stress model is needed to predict the required press load and energy. Further-
more, for a sufficiently detailed process model such as can be provided by the finite-element method
(FEM), realistic constitutive equations allow prediction of the strain-strain rate-temperature path for
each element of the deformation zone as a function of process variables such as temperature, deformation
rate, and preform shape. It is this capability, to whatever extent it is actually achieved, that is
referred to as flow-based analysis. The term is used to distinguish the current approach from earlier
analyses which were purely geometrical, invoked only nominal strains, and ignored metallurgical features
other than reference to an average flow stress.

In principle then, a successful flow-based analysis implies that the microstructure and properties
of each element of the final product can be determined. In primary processes, such as rolling, the per-
spective would be thermomechanical processing of the material to achieve a desirable final microstruc-
ture. In shaping processes, such as hot forging, product integrity would be a key objective. Overall
final properties are still important, but, in addition, nonuniform deformation is unavoidable in shaping
processes and must be analyzed to assure that strains do not localize to the extent that defects are
likely to occur.

This Teads to the concept of workability. Constitutive equations of the type described above can be
used to determine workability or formability indices, such as strain rate sensitivity, which are needed
for input to models which predict the maximum strains that the workpiece can undergo without failure for
specified process conditions. 1In general, there are two types of workability limits, plastic instabil-
ity and fracture. For the former, limiting strains are determined from the plastic flow law and process
conditions such as friction factors. For fracture processes, microstructural features such as the dis-
tribution of second phase particles will enter an analytical model. Of course, if temperature effects
are to be included in these calculations, a model for deformation heating and heat flow out of the work-
piece, primarily into the tooling, must be combined with the process mechanics.

The importance of flow-based analyses in understanding the nature of a deformation process and the
structure of the final product is illustrated in Fig. 1. These results are taken from a rigid-plastic
FEM calculation of the forging of a turbine blade by Rebelo et al. [1]. The grid distortions and iso-
strain contours in Fig. 1 demonstrate that Tocal strain may vary within the workpice by more than a fac-
tor of 10. 1In fact, since this calculation was isothermal, neglecting any temperature variation, the
gradients shown may be the minimum to be expected. For example, in a conventional warm forging process,
die chilling may lead to temperature variations of several hundred degrees celsius. In such a case, the
chilled surface layer further resists deformation leading to even greater strain inhomogeneity.
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Fig. 1. Calculated grid distortions (top) and effective strain distributions (bottom) during
simulated forging of a turbine blade. From [1].

In this overview of flow-based analyses of deformation processes, some of the fundamental considera-
tions important in the determination of realistic constitutive equations for workpiece flow will be sum-
marized. The features of the plastic flow rule which are useful to predict the formability of sheet and
the workability in bulk processes will be highlighted. To illustrate these concepts, the determination
and application of constitutive equations for the hot forging behavior of the high temperature titanium
alloy, Ti-6242, will be described, and some deformation induced microstructures will be discussed.
Finally, a hierarchy of process mechanics formulations will be discussed so as to emphasize the relaton
between model sophistication and predictive capability.

CONSTITUTIVE EQUATIONS
Plastic Flow Law

A general expression for the constitutive equation expressing the functional dependence of the true
flow stress is

=0 (S, é, T) (1)

where S is a structure parameter, ¢ is the true strain rate, and T is the absolute temperature. In Eq.
(1), the parameter S is intended to represent those features of the microstructure which determine the
current flow stress of the material. The variable S is an evolutionary parameter in that it evolves
with the thermomechanical history of the workpiece. 1Its current value represents the net structure. 1In
order to focus the discussion, it is helpful to think of S as a parameter with functional dependences
similar to those of the yield stress. Thus, S increases with accumulated strain for a material that
work hardens and decreases during periods of annealing that lead to recovery or recrystallization. Dur-
ing hot-working, S may be relatively constant if strain hardening or thermal softening are nearly in
balance. To apply Eq. (1) in the most general way, both the strain and temperature-time dependence of S
would have to be modeled analytically. Phenomena such as strain-induced transformations, which couple
strain and thermal variables, would complicate the task further. Modeling at this level is a goal, but
certainly not a current reality.

The most common approximation of Eq. (1) is to replace S by the current value of the accumulated
plastic strain e,

=0 (e, &, T) (2)

a constitutive equation form originally proposed by Zener and Holloman [2]. This approximation, of
course, limits the consideration of microstructural efforts to those directly caused by strain harde-
ning, eliminating time-dependent effects such as static recovery. However, even for pure strain harde-
ning, there is a fundamental difficulty. This arises because the current flow stress of a material is
not a unique functon of accumulated plastic strain, since it may depend on the strain rate and tempera-
ture history while the strain was being accumulated. In other words, strain is a path variable, not a
state variable, as implied by Eq. {(2). However, since the plastic strain is a nearly unavoidable path
variable in the description of metalforming processes, a constitutive equation of the form shown in Eq.
(2) can be very useful in a practical sense as long as the fundamental limitations are recognized.

Eq. (2) is usually considered in differential form,

dino=yde+vdlineég+ gdT (3)

where the coefficients of strain, strain rate, and temperature increments are given by the respective
partial derivatives
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It is these derivatives which usually enter analytical models for workability, particularly when plastic
instability is involved. If the strain, strain rate, and temperature increments in Eq. (3) are thought
of as spatial variations within the workpiece, it is seen that the derivatives in question control the
tendency for hardening or softening locally and, hence, the tendency to retard or accelerate strain
inhomogeniety. Some features of the physical behavior, and analytical modeling of these coefficients
will now be discussed in turn.

Strain Dependence

In considering deformation processing over a wide temperature range, one encounters both strain
hardening and strain softening behavior. Strain hardening is prevalent for most cold and warm-working
processes but is also encountered in some hot-working processes particularly at low strains, say e <
0.3. As the temperature increases for a work hardening material, thermal softening processes such as
dynamic recovery can come into play, and a nearly flat flow curve, with flow stress independent of
strain may be obtained. This is frequently referred to as perfectly plastic behavior. For some mate-
rials at hot working temperatures, actual flow softening is observed which can have many origins [3].
In single phase materials such as austenitic steel, it is generally due to dynamic recrystallization
processes [4]. In materials with two or more phases, such as pearlitic steel or titanium alloys, other
processes such as phase transformations, texture softening, or solute redistribution can contribute
[51. 1In addition to microstructural softening mechanisms, deformation heating can also lead to a reduc-
tion in work-hardening rate of actual flow softening.

When strain hardening occurs, it is important to describe it analytically in order to be able to
calculate press loads. In addition, for flow-based analyses, since strain hardening partially deter-
mines overall strain distribution in a part, an analytical description is important in predicting flow
patterns during forming and formability/workability 1imits related to strain localization. The effect
of strai? hardening on strain distribution is particularly important in sheet metal formability calcula-
tions [6].

In order to model strain hardening, the strain dependence of the flow stress is usually described by
empirical equations such as those suggested by Hollomon [7],

g = kEn (7)
or Swift [8],
g = k(€0+s)n (8)

The Hollomon equation, though oversimplified for many applications, is the one most frequently invoked.
The Hollomon strain hardening exponent n has become a nearly ubiquitous factor in metalforming calcula-
tions which include the effect of strain hardening. The Swift equation, which includes three adjustable
parameters, is somewhat more flexible in describing work-hardening behavior. The Swift eg can be in-
terpreted in some cases as a prestrain and accounts for a finite yield stress, k ¢, at zero plas-
tic strain.

The adjustable parameters in empirical stress-strain 200 - —
laws such as Egs. (7) and (8) are usually determined by
numerical regression on stress-strain data. A convenient
way to assess the -appropriateness and potential accuracy —
of a particular regression procedure is to examine a plot
of some stress derivative versus either stress or strain 150
[9]. An example is shown in Fig. 2 which illustrates an
empirical fit of the tensile stress-strain behavior of
2024-0 aluminum sheet at 163 C (325 F) using the Swift
equation. For the Swift equation, the derivative y is
related to stress as

100 |-= % \
Y = n(o/k)'l/n 0 (9)

Eff Stress {(MPa)

Log Garmare
Faess

Hence, a plot of log y vs. log o should result in a

straight 1ine of slope (-1/n) if the Swift equation is an ;E

appropriate description. The insert in Fig. 2 shows ap- &0 -

proximately linear behavior at either high or Tow stress %
I

(or strain) with the break coming at about ¢ = 0.05. o

Since the interest in the work referenced (9) was in sheet 17 20 24
formability, the Swift parameters were determined to fit Log EN Strosy (P

the higher strain portion of the stress-strain curve. The oL __ & L
excellent fit obtained explicitly for the higher strain 0.00 0.05 0.10 0.15 0.20
regime increases the chance that some extrapolation beyond Eff Plastic Strain

the strains achieved in the tensile test will be meaning-
ful for metalforming calculations.

For flow softening behavior observed under hot-working F19- 2. Effective true stress - strain
conditions, less work has been done in terms of strictly and  workhardening -  stress
analytical modeling. For single phase materials, where (insert)  plots ~ for ~ 2024-0
softening is usually due to dynamic recrystallization, the aluminum sheet at 163 °C. From

[91.
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behavior is described in terms of the critical strain to initiate recrystallization, the peak true
stress, and the steady state stress [10]. These parameters are, of course, functions of strain rate and
temperature. At low strain rates, the flow stress often oscillates due to repeated cycles of dynamic
recrystallization. Under these conditions, a steady state stress is difficult to determine.

For multi-phase alloys, it has been found that the strain rate and temperature dependence of the
flow softening is similar for a variety of alloys with quite different microstructural features
[11,12,13]. This general behavior is shown in Fig. 3 [14,15]. It is seen that the flow softening rate
is largest at the lower temperatures in the hot working range and at higher strain rates. Presumably at
higher temperature and lower strain rates, the microstructural changes leading to softening occur at
rates more in balance with the deformation rate, and the higher stress levels are never reached. For
one example of the type of softening behavior shown in Fig. 3, namely for the titanium alloy Ti-6242, an
analytical description of the flow softening has been determined in a form suitable for computer
modeling of the forging process [13]. This will be discussed in more detail below.

v : .
agot FINE GRAIN 400r FINE GRAIN
MAR-M 200 MAR-M 200
3x10°4 s-1 1050°¢C
G o
:soo * 300k
»
=
S Z
4 2
= =
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- = _2
@ 2 9 x10
w
2 z2
3 950 B
i 10 -2
100 100) X
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r\\\\~_‘_____ Laxio”
1050 Y
1100 3 x IO_‘
== 1150 1 x 10
; ; n d
020 040 060 080 1.0 0.20 040 oeo 080 10
TRUE STRAIN TRUE STRAIN

Fig. 3 True stress true strain curves for MAR M200 compacts illustrating effects of temperature
(1eft) and strain-rate (right) on flow softening. From [14].

Strain Rate Dependence

For modeling of flow stress behavior under hot-working conditions, the strain rate dependence of the
flow stress is of equal if not greater importance than the strain dependence. When strain hardening and
recovery mechanisms are in balance to produce nearly perfectly plastic behavior, constitutive equations
are frequently written to represent the strain rate (and temperature)} dependence of the flow stress
only. The most common example is

g = Kém (10)

where K is a temperature dependent strength parameter. In this case, the strain rate sensitivity v,
defined by Eq. (5}, -is simply v = m = constant. More generally, of course, the strain rate sensitivity,
at constant strain e, is a function of strain rate and temperature.

Under hot working conditions, the strain rate sensitivity can be quite large, on the order of m =
0.1 to 0.5. For m = 0.3, which is accepted as the minimum m-value for superplastic behavior, a decade
increase in strain rate corresponds to a factor of 2 increase in flow stress. At Tower temperatures,
the strain rate sensitivity is smaller, say m = 0.001 to 0.05. For these m-values, strain rate has a
negligible influence on the magnitude of the flow stress. However, even for m-values in this range,
strain rate sensitivity can have a large effect on strain localization and the development of instabi-
lities. Both incipient necking and constrained flow, as occurs for example near a die-workpiece con-
tact surface due to friction, lead to strain rate gradients. 1In regions of increasing strain rate, the
strain rate sensitivity leads to strengthening which retards the strain localization process. Thus,
strain rate hardening acts like strain hardening to promote uniform strain distribution but only after
strain rate gradients develop.

A phenomenological constitutive equation which describes the strain rate dependence of the strain
rate sensitivity over a wide range of temperatures has been developed by Hart [16,17,18]. The result is
most easily presented in terms of the material behavior at high and low temperature limits. At high
temperature, above about one-third the absolute melting temperature,

In(o*/c) = (&*/2)} | (11)

In this equation, o* is an evolutionary parameter equivalent to the parameter S in Eq. (1). The para-

meter e* is functionally related to o* and temperature, and A is a material constant. From Eq. (11),
the strain rate sensitivity is

v = x In(o*/0o) (12)
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which shows that v decreases as the strain rate and, hence, the flow stress, increases. Below about
one-third the melting point, the flow stress is given by

o= a* + q (/M (13)
0

where M is a material constant. In this case, the strain rate sensitivity is

v=}ﬁ—(1-2—*) (14)

and, hence, increases as the strain rate and flow stress increase.

The general trends for strain rate dependence descri-
bed in these equations have been verified for a number of 340 T T T T
materials [17], and are illustrated here for the titanium
alloy Ti-6A1-4V [19] in Fig. 4. This shows the strain
rate dependence of the flow stress at three temperatures,
as determined by stress relaxation, and presented as a
plot of log flow stress vs. log strain rate. The strain 310 s 285C
rate sensitivity at a particular temperature and strain ATYRLICIEEL AL
rate is given by the slope of these curves. It is seen
that the strain rate sensitivity increases with strain
rate at lower temperatures and decreases with increasing
strain rates at higher temperatures, as predicted. There
is an intermediate temperature, approximately one-third
the melting point, at which the strain rate sensitivity is
very small for all strain rates. In general, the strain
rate sensitivity is higher for higher temperatures, but
this increase may be quite small for high strain rate pro- 250
cesses [20]. i

mutaczasd L EADRERSRI ML S L L] 350 C
2.80 | aes11500C
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u Ti-6AL-4V

Log Stress (MPa)

Temperature Dependence

In general, the flow stress of structural alloys de-

1 J 1 ]
creases with temperature. It is well accepted that the 22980 -60 ~40 20 0.0
homologous temperature, the ratio of the absolute tempera- ’ L Strai .R te ( '-.) '
ture to the absolute melting temperature, can be used to 0g lrain Rate {sec

define effective temperature regimes for the temperature . .
dependence. For example, hot-working temperatures are Fi9. 4. Log stress vs. log strain-rate

restricted to homologous temperatures above 0.5 with 0.6 curves for Ti-6A14V illustrating
being a practical lower limit for hot deformation pro- effect  of  temperature  and
cesses. The discussion here will be restricted to the strain-rate on strain-rate
temperature dependence in the hot-working regime. sensitivity. From [191.

In its simplest form, the description of the temperature dependence of hot deformation assumes
thermally-assisted mechanisms such that the strain rate depends on temperature through an Arrhenius fac-
tor

¢ = f(o) exp(-Q/RT) (15)

where Q is an apparent activation energy, R is the universal gas constant, and T is the absolute tempe-
rature. Eq. (15) is most useful when Q is constant, independent of stress and temperature [21]. Rear-
ranging Eq. (15), we obtain

f(o) = ¢ exp(Q/RT) = Z (16)

where Z 1is known as the Zener-Hollomon parameter [22] and can be interpreted as a temperature-
compensated strain rate. When Eq. (16) holds, the flow stress temperature coefficient g, defined by Eq.
(6), is related to Q as

¢ = - v Q/RT2 (17)

This provides for an alternate representation for the increment in flow stress with temperature at cons-
tant strain and strain rate,

d1n o =v Q d{1/RT). (18)

1['he applicability of this equation will be discussed below in relation to the hot-working of Ti-6242
13,23].

According to Eq. (16), the flow stress is uniquely dependent on the parameter Z, independent of
prior deformation history. Conceptually, this implies that for a greater Z, produced by a Tower tempe-
rature or a higher strain rate (hence, a shorter time), the contribution of thermally activated proces-
ses to flow softening will be smaller and a higher value for the instantaneous flow stress will be pre-
dicted. While this is a reasonable description, the usefulness of Eq. (16) depends on identifying an
activation energy Q which is constant over a sufficiently broad temperature range. For simple alloy
systems, predominantly single phase, where a single hot deformation mechanism such as dynamic recovery
or recrystallization may govern the deformation behavior, the association of the prevalent mechanism
with a constant activation energy Q is a possibility [24]. However, for most structural alloys, the
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condition of a constant activation energy deformation process usually is not observed over a suffici-
ently large temperature and strain rate regime. Because of this, the range of application of this for-
mulation is somewhat Timited [25].

WORKABILITY

The term workability refers to the maximum amount of strain which a workpiece can provide without
failure. This may be difficult to determine, since the strains are rarely uniform during forming opera-
tions or even under testing conditions, and it is important to know the approximate value of the local
strain at the failure site. Measurement of the local strain is usually complicated by the fact that the
failure may initiate in a region of very large strain gradients.

Failure modes can be classified in two broad categories, strain localization by plastic instability
and fracture. In addition, fracture mechanisms are quite diverse and depend upon microstructural fea-
tures such as grain boundary configurations and the existence of second phase particles in addition to
process variables such as stress state. In the general case, a failure path may involve both plastic
instability and fracture with strain localization due to instability leading to microstructural condi-
tions such as void coalescence which initiate final fracture.

Tensile Instability

The most common failure is localization in a visible neck in a uniaxial tensile test, and it is in-
structive to consider the relation of necking instability to mechanical properties. In a tensile test,
the strain is uniform throughout the gauge section up to the point of maximum load. The load maximum is
evidence that a diffuse neck is beginning to develop and corresponds to the condition at which the in-
cremental increase in cross-sectional area becomes greater than the increase in flow stress due to work
hardening.

For a strain rate insensitive material, the occurence of a load maximum in the tensile test is
equivalent to the strain hardening coefficient y reducing to the value y = 1. This is simply the well-
known Considere condition. The influence of strain rate sensitivity on initiation of a diffuse neck was
treated originally by Hart [26]. For the common case of a constant extension rate test, the result is
that diffuse necking initiates at a slightly larger strain value at which the strain hardening exponent
is vy = 1-m, where m is the strain rate exponent in Eq. (10). Physically, this is due to the gradual de-
crease of the strain rate tensile test, the Considere condition would remain unchanged. Since m is
usually quite small (m = 0.01), and since the beginning of a diffuse neck is difficult to detect, rate
sensitivity is of negligible importance in the initiation of necking instability.

On the other hand, rate sensitivity is of critical importance in regard to the growth of a necking
instability. If one assumes, for simplicity, that strain hardening has essentially saturated such that
vy = 0, then Hart [26] has shown that the growth of an area defect sA from an original value 8Aop over a
period during which Ay reduces to A is given by

L)

sA/6hy = (A /A" . (19)

Thus, for small values of m, the localization rate is very large and localized necking follows initia-
tion of a diffuse neck rapidly. On the other hand, for larger m values, a quasi-stable flow can procede
for a large strain increment past the point of maximum load. To summarize the situation for instability
in tension, strain hardening capacity (y or n) determines the initiation of localization whereas the
strain rate sensitivity determines the rate of growth of the localization. In other words, the strain
at the point of maximum load depends on the n value whereas the post-uniform elongation depends on the
rate sensitivity m. This has been documented very clearly for both simulated and experimental tests by
Ghosh [27]. This description of tensile instability is emphasized here because it illustrates the im-
portant complementary features of strain and strain rate hardening.

Biaxial Instability

The analysis of diffuse necking stability was extended from uniaxial to biaxial stress states for
application to sheet metal formability studies by Swift [8]. Swift showed that diffuse necking in a
biaxially stretched sheet begins when the strain hardening coefficient reduces to a critical value,
0 < vy <1, which depends on the ratio ep/ey, of the principal strains in the plane of the sheet.
This treatment was restricted to rate insensitive materials.

As for a tensile specimen, the onset of diffuse necking in a sheet is not readily observable, and,
hence, is not equated to failure in a sheet forming process. Plastic instability leads to failure only
when a localized neck forms. The condition for a localized neck in a thin sheet was presented by Hill
[28]. The neck develops as the result of a localized shear zone which forms along a direction of zero
length change. The Hill criterion for the formulation of a localized neck is

af af , ,of
Yy < (&= =)= (20)
-_— 30’1 302 36

where f is a yield function which accounts for plastic anisotropy, o1 and o2 are principal stresses
in the plane of the sheet, and o is the effective stress. From Eq. (20) a general result (29) is that

el *e2 = ye (21)

where e and e are the principal limit strains and the critical y and ¢ depend on ej and &2
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through the definition of g. If constitutive equation and anisotropic yield function parameters are
known, Eq. (21) represents a specific forming limit curve (FLC) which can be plotted to illustrate the
separation of safe strain states from those for which failure by localized necking is expected. For the
Hi1l model, the FLC is restricted to negative minor strains, e2<0, since no directions of zero length
change exist in the plane of the sheet for biaxial tension.

A typical FLC for 2024-0 aluminum [9] is shown in Fig. 5 and is compared to experimentally deter-
mined forming limits (the forming 1imit diagram or FLD) obtained by measuring local strain values on
electrochemically gridded sheets which had been stretched to failure. The agreement between the calcu-
lated FLC and experimental FLD is good for in-plane (tensile) tests which correspond to the geometry
used for the Hill calculation. The higher 1imit strains obtained by punch stretching are not, at pre-
sent, well understood [6]. It is also important to note that no way has been found to include strain
rate effects explicitly in the Hill theory. Thus, comparisons of the Hill theory with experiment should
be limited to materials such as 2024 aluminum at room temperature for which the strain rate sensitivity
is very small.

150

Theoretical FLC ~ Mojor Engineering
~ Strain (e), percent

_.-f + 40

Normal FLD
from punch
stretch tests

- In-plane FLD from
tension tests

L 1 L 1

-30 -20 -10 o} 10 20 30
Minor Engineering Strain (ez), percent

Fig. 5. Theoretical forming 1imit curve calculated from Hill theory compared to experimental forming
limits for 2024-0 aluminum. From [9].

In order to extend plastic instability failure models for sheet formability to positive minor
strains and to include the effects of rate sensitivity, a different failure criterion is needed. The
most successful has been one developed by Marciniak and co-workers (30,31) who postulated the localiza-
tion of strain to a pre-existing defect, generally pictured as a thickness groove across the plane of
the sheet. The defect severity is defined in terms of a parameter f (not to be confused with the f in
Eq. (20)) which is taken as the ratio of the sheet thickness in the groove to that outside the groove,

f=1- tog/ty - (22)

Similar results for forming Timits can be obtained if the defect is described in terms of a Tlocalized
metallurgical weakness.

Details of the Marciniak calculation have been reviewed elsewhere recently [6] and will not be de-
scribed here. To apply the theory, one needs to model strain hardening behavior, y{e), strain rate sen-
sitivity, and select a yield function which also accounts for plastic anisotropy. A particularly dif-
ficult question is identification and justification of an appropriate defect severity f. It may be that
this must remain an arbitrary parameter to be fit to experimental forming 1imit data. One interesting
comparison is that, under certain conditions for negative minor strains, the Hill theory can be thought
of as the f=0, m=0 1limit of the Marciniak theory. This has recently been pursued quite successfully by
Chan et al. [32]. Otherwise, the overall appropriateness and success of the Marciniak theory is still
being evaluated.

Compressive Instability

The discussion to this point has been primarily concerned with formability under conditions of im-
posed tensile stress. For workability in processes and tests which involve imposed compressive stres-
ses, several different modes of failure must be considered. These include shear bands [33], free sur-
face fractures [34], and internal grain boundary and triple point cracks [35]. Again, the initiation
and growth or propagation of these defects can be related to material constitutive relation parameters
and their dependence on process variables such as temperature and strain rate.

An important defect in hot forging is the shear band. A shear band is a region of highly localized
deformation with a planar geometry and a width which extends across many grains. While the term shear
band is sometimes used to refer to microscopic inhomogeneities related to Tocal dislocation or twin
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distributions, it is used here to .refer to a macroscopic phenomenon which can clearly be observed by
microetching., An example, for an isothermally sidepressed cylinder of the titianium alloy Ti-6242, is
shown in Fig. 6.

Shear bands develop during deformation along interfaces between adjacent regions of discontinuous
deformation such as the dead zone near a compression die and a central region of high strain. The dead
metal zone at the die surface can result from either a frictional constraint due to poor lubrication or,
for non-isothermal conditions, from die chilling which markedly increase the local flow stress. Once
initiated, a shear band is likely to become self-propagating because the large strains in the band pro-
mote softening due to deformation heating and, in some cases, strain-induced microstructural softening.
Clearly the large localized strains lead to microstructural changes which may produce defects such as
potential sites for crack initiation.

For hot forging, the incidence of shear bands can be related to a specific set of material proper-
ties. These can be identified by extending the analysis for tensile instabilities discussed above.
Hart's analysis [26] of tensile instability has been applied to compressive deformation by Jonas et al.
[36]. They postulated a local areal bulge as the analogy to a tensile neck. However, the Tlocal
increase in area due to a bulge is a stabilizing influence as compared to the destabilizing influence of
a tensile neck. Hence, local bulging will only lead to gross instability if a destabilizing influence
such as flow softening predominates.

Using the fact that the load on any cross-sectional area must be constant along the forging axis,
6F = 0, and representing variation of the stress in terms of corresponding variations in strain, strain
rate, and temperature as in Eq. [3], the following relation is obtained:

SA/A + yse * velne + g sT =0 (23)

Here, vy, v, and ¢ are the flow parameters defined in Egs. (4-6), and it is emphasized that the dif-
ferentials in Eq. (23) such as se correspond to variations along the forging axis. Strain localization
is defined in terms of an increase in compressive strain rate with an increment of compressive strain by
the parameter

a = -81né&/se . (24)

The negative sign is included so that « will be positive for compressive localization considering the
usual sign convention that strain, strain rate, and their increments are all taken to be negative. Com-
bining Eqs. [23] and [24], the rate of localization o is given by

a = (-1+ytgsT/se)/v . (25)

For initially isothermal conditions and assuming no deformation heating (sT = 0), the expression for
the localization parameter reduces to
a = (y-1)/v (26)

Since o must be positive for Tocalization to occur, Tocalization is initiated at vy = 1. For the usual
convention that compressive stress as well as strain and their increments are negative, y is positive
for strain softening and negative for strain hardening. Hence, for isothermal conditions, instability
will only be initiated if strain-induced microstructural softening occurs. Once initiated, the rate of
localization is determined largely by the strain rate sensitivity v which is always positive. Since the
strain rate sensitivity decreases with increasing strain rate, the rate of instability will be more
rapid for high strain rate deformation.

The term in Eq. (25) which is proportional to sT decribes deformation heating or die chilling. The
influence of deformation heating was first treated by Dadras and Thomas {(37). By noting that

§T/8¢ = na/pc, (27)

temperature variations due to deformation heating can be included in the expression for a as

a=(-1+y+ n%%/pcbk (28)

In these equations p is the density, c is the heat capacity, and n is a factor which accounts for the
fraction of deformation work which is effective in increasing the workpiece temperature. For this ana-
lysis, it is convenient to define

Y=yt n%%/pc (29)
so that the instability condition becomes
a=(y'-1)/v . (30)

Since the temperature derivative of the flow stress is positive for compression (the flow stress becomes
less negative with increasing temperature), the second term in Eq. (29) is positive, and the effect of
deformation heating is to promote the initiation and rate of localization. In addition to the tendency
for localization to be promoted by increasing strain rate due to a Jower rate sensitivity, the second
term in the expression for y' also increases with strain rate due to the combined effects of higher flow
stress and larger n. One convenience of the parameter y' is that it describes the strain rate depen-
dence of the flow stress in constant true strain rate compression tests.
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While this analysis is qualitatively applicable, none of these expressions apply directly to shear
bands, since these are best observed under plane strain rather than axisymmetric conditions. Shear
bands occur along directions of zero Tength change and, correspondingly, no change in area. Semiatin
and Lahoti (38) pointed out that for these conditions one expects so = 0 along the forging axis. The
result is that Eq. (30) becomes

a=y'/v., (31)

Hence, because of the geometrical influence of plane strain, instability can initiate at y' = 0 instead
of y'=1. For a given y' and v, a will be larger and shear band formation more 1ikely and more rapid.
When gross instabilities corresponding to shear bands are observed under initially axisymmetric condi-
tions, a change in strain state toward plane strain will have occurred.

For non-isothermal forging which is the conventional situation, the forging dies are up to several
hundred degrees celsius cooler than the workpiece and severe die chilling can occur. If one assumes no
microstructural hardening or softening (v = 0) and plane strain conditions, then Eq. (23) can be written
as

81né = —¢6T/\) o (32)
It is convenient to emphasize the fact that the variations are spatial by writing

sIné/sx = -(g/v)sT/6x . (33)

Here it is seen that the tendency toward localization is driven by the temperature gradients which de-
pend upon temperature differences, thermal conductivities, and the time available for temperature gra-
dients to develop. As for the deformation heating effect, localization increases with the temperature
dependence of the flow stress and is inversely proportional to the strain rate sensitivity.

Based on this discussion, it is possible to summarize the material flow parameters which influence
shear band formation. Strain softening y, strain rate sensitivity v, and flow stress temperature depen-
dence ¢ are of primary importance. Equally important is the dependence of these parameters on strain
rate and temperature. For non-isothermal conditions, thermal conductivity of both workpiece and die and
the conductance of the lubricant also play important roles.

MODELING OF TI1-6242

A recent example of process modeling and flow-based analysis for hot-working focused on the design
of the forging process for a Ti-6A1-25n-4Zr-2Mo(0.1S7) turbine engine compressor disk [39]. Ti-6242 is
a near alpha, alpha-beta titanium alloy which is a candidate material for intermediate temperature
(500°C) applications in compressor disks, blades, and other critically stressed components in high per-
formance jet engines. For this type of titanium alloy, two preform microstructures are most common. A
microstructure of equiaxed alpha phase in a matrix of transformed beta phase is provided by hot working
and subsequent heat treatment below the beta transus temperature {990°C for Ti-6242). This microstruc—
ture is termed o * g and is known to produce good high temperature fatigue properties. Hot-working and
heat treatment above the beta transus temperature results, upon cooling, in a Widmanstatten alpha of
basketweave microstructure. This will be termed the transformed g or, simply, s microstructure and is
known to have good high temperature creep properties. These microstructures are shown in Fig. 7.
Several studies have been completed of both the mechanical behavior under hot forging conditions [13,38]
and the deformation microstructures induced by hot forging for Ti-6242 [23]. These results have also
been used to analyze the workability of this material with respect to the occurrence of shear bands
[40,41]. The work to be summarized here is primarily related to the development of analytical consti-
tutive equations for Ti-6242 [13] and their relation to deformation induced microstructures [23].

A factor of considerable importance in understanding the deformation behavior of this alloy is the
relative stability of the two basic microstructures just described. From a morphological standpoint,
the a + g microstructure is essentially stable whereas the s microstructure, produced during nonequili-
brium cooling, is metastable at subtransus temperatures. Hence, during hot working below the transus, a
8 preform microstructure evolves toward the o + g microstructure, and the nature and extent of this
transformation depend upon temperature, strain, and, to a lesser extent, the strain rate. This allows
the possibility of controlling the final microstructure and property distribution in a Ti-6242 forging
by control of preform geometry, which determines the strain distribution, and hot-forging process vari-
ables. The goal of the work discussed and referenced here is the design of a Ti-6242 turbine engine
compressor disk with a gradient in properties from the bore to the rim [39].

Flow Behavior of Ti-6242

Upset compression tests were used to determine the flow stress of Ti-6242 as a function of strain
and strain rate over a temperature_range of 816 C to 1010°C. Results to be discussed are for tests con-
ducted at strain rates of 10-3, 10-2, and 10-1 s-1, but other investigations covered higher
strain rates [23,42].

Representative plots of true stress vs. true plastic strain are shown in Fig. 8. In general, defor-
mation induced flow softening was observed under most test conditions for both a + 8 and s specimens.
For the o + g specimens, the observed softening is attributed primarily to deformation heating. For
example, the 10- s-1 strain rate test shown in Fig. 8 is at a sufficiently slow strain rate that it
is assumed to be isothermal, and it is seen that the flow stress is essentially constant. For the o + 8
test at 10-1 s-1, a deformation heating correction of the flow curve also leads to a nearly constant
flow stress. However, for the g microstructure, a deformation heating correction is a much smaller
fraction of the observed softening, and true microstructural softening is the dominant feature. An ex-
planation of this fact is thought to be related to the observation that the flow curves at corresponding
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Fig. 6. Transverse section of an isothermally sidepressed cylinder of Ti-6242
illustrating macroscopic shear bands. Width of the section is approx-
imately 1 inch (25 mm). From [33].

Fig. 7. Optical micrographs of (a) equilibrium alpha + beta and (b) metastable
transformed beta microstructures of Ti-6242.
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temperatures and strain rates for the o« + g and g specimens gradually approach each other as seen for
the two test conditions in Fig. 8. At a true strain of ¢ = 0.6 the flow stress levels become nearly the
same for any temperature and strain rate in the regime investigated. This is taken as evidence that,

during hot deformation, the metastable g microstructure is evolving toward the equilibrium « + g micro-
structure.
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Fig. 8. True stress vs. true strain flow curves for (« + g) and (8) microstructures of Ti-6242.
From [13],

Temperature and Strain Rate Dependence

A revealing description of the temperature dependence of the flow stress of Ti-6242 can be obtained
by plotting log flow stress vs. inverse absolute temperature for the early stages of deformation for
tests conducted at various strain rates as shown in Fig. 9. The data in this figure at strain rates of
2 and 10 s~ are taken from reference [42]. These plots result in a series of straight lines for
which the slopes are proportional to the product vQ (see Eq. (18)). It is seen that, for both preform
microstructures, the slopes are independent of strain rate. For the a + g microstructure, Fig. 9(a), an
overall linear behavior is observed; for the g microstructure, Fig. 9(b), a more complicated bilinear
behavior results which separates the temperature dependence into "high" and "Tow" temperature regimes.
It will be seen that these regimes correlate with distinct deformation-induced microstructures.
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Fig. 9. Plots of log o vs. 1/T for (o) (« + 8) microstructure and (b} () microstructure for the
early stages of deformation., From [13].
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In conjunction with the temperature dependence, it is important to examine the strain rate depen-
dence of the flow stress, It is found that this rate dependence is qua11tat1ve1y simitlar to that shown
for Ti-6A1-4V at 500°C in Fig. 4, that is, the strain rate sensitivity v increases with decreasing
strain rate [13]. The important po1nt is that the strain rate sensitivity of Ti-6242 is not a constant
but varies by a factor of two or more with strain rate over the strain rates and temperatures inves-
tigated. Since v depends significantly on strain rate, it is surprising that the log o vs. 1/T slopes
do appear to be independent of strain rate. Since v is not constant, neither is Q, and the Zener-

Hollomon description (Eq. (16) breaks down. If it was forced, by using an average value of Q, the
description would be very approximate.

Deformation-Induced Microstructures

The plot of the temperature dependence of the flow stress for the g microstructure (Fig. 9(b)) shows
that the temperature separating the high and Tow temperature regimes is approximately 930°C at the lower
strain rates and increases s]1ght1y with temperature. The deformation-induced microstructures which
occur in thg 1ow temperature regime are illustrated for deformation at 899°C (1650°F) and a strain rate
of 2 x 10~ in Fig. 10{a). The microstructure shows very nonuniform deformation as character-
ized by two d1st1nct features: (1) the occurrence of regions of intense localized shear which result in
sharp curvature of the a and g platelets in the Widmanstatten structure and the grain boundary « and (2)
a localized breakup and spheroidization of the « and g platelets in the Widmanstatten structure [23].
The first feature begins to appear at a strain of approximately ¢ = 0.2 while the secend appears at
somewhat higher strains and is still 1ncomp1ete at a strain e = 1. It is thought that the first feature
essentially preceeds the second, with the regions of intense shear providing a high enough stored energy
density to initiate the sphero1d1zat1on The observation of curved platelets after deformation at lower
strain is evidence that the g microstructure morphology is thermally stable with the spheroidization oc-
curing during deformation.

Deformation-induced microstructures typical of the high temperature regime are illustrated in Fig.
10{b). In this temperature reg1me the deformation is more uniform with a general trend toward thicker o
plates and an overall coarsening of the structure, features which are also developed by heat treatment
alone. This suggests that the observed homogeneity is at least partly related to microstructure devel-
oped during preheating prior to deformation (23). The microstructures observed following deformation in
the high temperature regime are much Tess dependent on strain than those which occur in the low tempera-
ture regime,

The as-deformed 8 microstructures show no clearly visible indication of evolving toward the equilib-
rium o« + g microstructure as suggested by the flow behavior in Fig. 8. This evolution does, however,
become apparent after post-deformation heat treatment. The microstructure of a specimen deformed at
899°C and, subsequently, heat treated at 954°C is shown in Fig. 11(a) and can be compared to an a + 8
specimen heat treated for two hours at the same temperature, Fig., 11(b). It is clear that the highly
deformed regions have now recrystallized, and these regions appear similar to the equilibrium « + 8
microstructure. Thus, in a deformation process, the evolution of microstructure from a creep-resistant
transformed g8 structure to the more fatigue-resistant o + g structure can be controlled by controlling
the strain distribution in the product.

Analytical Flow Laws

In order to avoid both extensive die chilling and gross plastic instabilities which are likely at
ver: hiqh strain rates, Ti-6242 is usually forged isothermally at strain rates on the order of ¢ =
10~ Hence, in order to describe the flow behavior of Ti-6242 in a manner appropriate for
input to computer-based forging process models, it is sufficient to model the flow stress over a strain
rate range of 10-° s-* to 10-% s- Similarly, microstructural considerations suggest that a
temperature range of 982°C > T » 871°C 1s sufficient. The modeling scheme will be to account for the
temperature and strain rate dependence of the initial flow stress and, separately, the flow softening
observed for the g microstructure. The equilibrium « + 8 microstructure will be considered perfectly
plastic, with flow stress independent of strain, over the flow regime considered. This analysis was
first presented in reference [13].

For the regimes to be considered, the temperature and strain rate dependence of the initial flow
stress shown in Fig. 9 can be described by the following equations:

log o = 9850/T - A for {a + 8) @ 1283K > T > 1144K (34)
Tog ¢ = 13100/T - B for {g) @ 1283K > T > T (35)
log o = 5230/T - C for () @ T' > T > 1144K (36)

where T' is the transition temperature separating the two g miscrostructural regimes and the intercepts
A, B, and C are given by

0.0350X2 - 0,1090X + 5,992 (37)

A:
B = 0.0180%X2 - 0.1710X + 8.398 (38)
C = 0.0345X2 - 0.0765X + 1.956 (39)

with X = log ¢. The very exact linear or bilinear behavior seen in Fig. 9 guarantees that this repre-
sentation will be quite accurate. A maximum discrepancy of 7 percent has been determined.

These equations can be used to determine the strain rate dependence of the transition temperature T'
which separates the high and low temperature regimes. The calculated values of T' vary from 924° C to
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Fig. 10. Microstructure of transformed beta Ti-6242 deformed to a strain of 1.0
and a temperature (a) T = 899°C and (b) T = 954°C. The lower tempera-
ture deformation results in distinct, nonuniform microstructural fea-
tures. From [23].
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Fig. 11. (a) Microstructure of transformed beta Ti-6242 deformed at T = 899°C to
a strain of 1.0 and heat-treated for four hours at T = 954°C compared
to (b) microstructure of equilibrium alpha + beta Ti-6242 heat-treated
for two hours at T = 954°C. From [23].
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970°C as the strain rate increases from 10-3 s-1 to 10 s-1. This was found to be consistent with
the maximum temperature at which the inhomogenious deformation - induced microstructures, illustrated in
Fig. 10(a), were observed for deformation at various strain rates, even though the higher strain rate
requires an extrapolation outside the modeling range considered.

The remaining task is to model the flow softening behavior of the g microstructure. Recall that the
strain dependence of the flow stress measured in a constant true strain rate compression test is given
by the parameter y' defined in Eq. (29). The parameter y' has been determined from the Ti-6242 flow
curves by differentiating digital stress-strain data numerically. By superimposing plots of y' vs.
strain as shown in Fig. 12(a), it is noticed that a unique pattern of behavior, idealized in Fig. 12(b)

is obtained. The irregularities in Fig. 12(a) are due to serrations in the flow curves, and Fig. 12(b)
shows the smoothed behavior.

Based on this figure, the following expressions are obtained:

v' =aed +be? +ce+ f for0<e <es,
= (eg-e)s/ey for eg < e < e (40)

Several of the parameters in this equation are defined in Fig. 12(b) whereas the constants a, b, and ¢
are determined from the boundary conditions at e = eg, namely the continuity of v' and its first and
second derivatives with respect to e. The latter, of course, vanishes due to the linear segment from
es to e;. Substituting for a, b, and ¢, in Eq. (40) and integrating, the result is
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Fig. 12. Plots of v' vs. strain ¢ for the (8) microstructure. (b} is an idealized representation of
(a) and defines model parameters. For convenience, compressive stress has been taken as
positive reversing the model sign of y'. From [13].

Tno=- ;fis) et + (fés) e - ;E_ e . %éflﬁl e+ o+ ¢ for0cece,
e e, 0 s
se?
= se - ?E;'+ c, fore. cece.. (41)

At e = 0, o = op, the peak stress. Also, at e = eg, the governing flow stress equations for the two
strain intervals should yield the same o. It follows that ¢; = 1n oy and c2 = 1n op *+ (f-s)
es/4. For Ti-6242 with the g microstructure, s = -1.07, eg = 0.34, and e, = 1.00. Consequently,
only two parameters, namely op and f, are needed in order to obtain a complete description of the flow
curves. The peak stress op is determined from Eqs. (34-39) for the given values of temperature and
strain rate, and the parameger f is obtained from,

f = -1 - [17.456 - 0.044(1og ¢)°Ix/(25 + x?), (42)
where X = 0.1(984-T) with T in °C.

The predicted flow curves, for three combinations of temperature and strain rate, are shown in Fig.
13. It is seen that the analytical description describes the flow softening behavior of this alloy very
accurately. This is important since flow softening is the primary material (as opposed to process)
variable which controls the initiation of plastic instability, and an accurate description of flow sof-
tening is needed for subsequent process models,
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Fig. 13. Comparison of predicted and measured flow curves for the (g) microstructure. From [13].
PROCESS MODELS

In most deformation processes, geometrical and frictional constraints lead to very complicated, non-
uniform distributions of stress and strain within the product. In fact, even for highly symmetrical
geometries such as axisymmetry or plane strain, the situation is sufficiently complicated that analy-
tical solutions for stress, strain and strain rate distributions are usually only possible under assump-
tions which turn out to be highly restrictive and prevent the consideration of realistic material be-
havior models. A further complication results when it is necessary to consider coupled stress - tem-
perature effects in order to account for deformation heating or die chilling.

The usual attempts at an analytical solution involve either the slab method or the upper bound
method. The slab method (43) is a stress analysis approach which is based on solutions of the force
equilibrium equations using a yield criterion and a constitutive law for stress-strain dependence. The
equilibrium equations are written for typical geometrical elements of the deforming body, and the defor-
mation is usually considered homogeneous. 1In spite of these assumptions, the slab method is still con-
sidered useful, but principally for calculating average or integrated process variables such as press
load.

In the upper bound method, the analysis is based on velocity field equations describing material
point movements during deformation. The velocity field must be kinematically admissable, which implies
that velocities and their derivatives must be continuous inside each deformation zone, and that the
normal component of velocity across any zone boundaries must also be continuous. Additionally, dincom-
pressibility and boundary conditions must be satisfied. The upper-bound solutions are not exact, as the
resulting stress components need not satisfy the equilibrium equations. The development of successful
upper-bound solutions requires an understanding of the key features of a process so that an optimum
model can be obtained.

Some of the limitations of the slab and upper bound methods have recently been overcome by exten-
sions of these techniques developed for the problem of axisymmetric upsetting. A new method [44,45]
based upon force equilibrium eliminates the simplifying assumptions of the slab method and provides a
more accurate solution based on assumed, but realistic, stress distribution functions. For upset for-
ging, this method allows calculation of the boundary of the elastic (or dead) zone in contact with the
die, the shape of the side-surface bulge, and the distribution of stresses within the forged billet. A
Timitation is specialization to a specific geometry.

A method has also been developed to extend the upper-bound method. Existing upper-bound calcula-
tions do not provide information on nonuniform deformation patterns and localized stresses and strains,
even for the case of axisymmetric upsetting of interest here. In order to provide such information, an
analysis based on flow pattern observations has been developed [46]. For the cylindrical billet being
upset, a four zone deformation pattern is assumed and realistic, admissable velocity fields are pro-
posed. The solution allows the calculation of deformed grid patterns, localized stresses and strains,
and side-surface foldover in close agreement with experimental observations and more sophisticated
finite-element calculations.

In spite of these improvements in the more traditional process analysis, numerical techniques such
as the finite-element method (FEM) are stil1l needed for detailed, Tocalized calculations of stress and
strain distributions which are generally required to realize the full potential of flow-based analysis
for deformation processes. A recent, important advance which greatly enhances the efficiency of the FEM
for metalforming calculations is the development of the matrix method program ALPID (Analysis of Large
Plastic Incremental Deformation)[47]. The increased efficiency of ALPID is due, in part, to the use of
advanced elements with quadratic or cubic displacement functions. Also, the program is set up to use
rigid-viscoplastic constitutive relations, as elastic deformation is of negligible importance in most
metalforming applications. In addition, the program can be applied to a wide variety of workpiece-die
geometries. While the program ALPID has been applied to a variety of calculations related to the hot
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forging of Ti-6242, one of particular interest and related to the thrust of this paper involves the
modeling of strain localization in isothermal sidepressing of Ti-6242 cylinders [48]. In this work,
ALPID was applied to calculate the strain rate distribution for cylinders of both the « + g and trans-
formed g microstructures. The only major difference in the modeling for these two cases is the exten-
sive flow softening which characterizes the g microstructure. The results of this calculation can be
described in terms of several features of the strain rate distribution at 50 percent reduction in
height. For the a *+ B microstructure, strain rate contours do not show large gradients over the cross-
section. In contrast, the g microstructure does show large strain rate gradients over the cross-
section. The strain rate gradients and contours provide a clear indication of shear band initiation in
the process simulation. The important point is that this occurs as a natural consequence of material
properties and geometry, that is flow softening and plane strain. This calculation provides an excel-
lent example of the progress that has been made in flow-based analysis of deformation processing.
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MICROSTRUCTURE, TEXTURE AND FORMABILITY OF THIN ALUMINIUM SHEETS

BiBrn Andersson and J.E. Tibballs

Central Institute for Industrial Research
Blindern, Oslo 3, Norway

ABSTRACT

The processing of thin aluminium sheet includes casting, hotrolling and various
coldrolling and interannealing sequences. The task considered here is to model the
microstructural changes at each production stage and to link the models corresponding to
given process routes. In this work we have concentrated on contineous casting of
commercial aluminium and of AlMn(Mg). To predict microstructural parameters from
processvariables we had to depend on systematical characterization of the alloys but
general trends expected from the theory of solidification were helpful in the
formulations. The kinetics of the precipitation reactions followed reaction rate theory
provided that correct precipitation reactions and nucleation mechanism were used. Also
the coarsening followed established theory well but the density of nucei could not be
predicted. During coldrolling we were mainly concerned with the texture development which
followed the general trends outlined in the Taylor model. A numerical evaluation was,
however, necessary. The development of the deformation structure is to a large extent
known in principle but the knowledge is insufficent to explain the macroscopic properties
of these materials. Special attention was given to the annealing stage as for instance
texture, grainsize and precipitation is greatly influenced. The texture is found to
follow simple mathematical expressions very well and parameters for the rate of increase
and the level of the texture strength could be related to the structure. However, direct
comparison to the relevant structure parameters have not yet been done. The grainsize
depended on primary particles and precipitation reaction as expected from theory.
Consequently, the necessary relations can be formulated.

Finally, models incorporating these theories or empirical relations have been linked in
order to predict earing,strength and formability in typical processroutes. By combining
the numerical descriptions on each step, it is possible to predict the earing with a
reasonnable accuracy for given alloy type and homogenization. Special attention had to be
given to the coherency between the models due to step-like variations when connecting the
models together. Furthermore, the numerical expressions are-suitable for generalizations.
The other properties are not so dependant on the process route and in that way simpler.
Numerical descriptions could therefore be made less complex than in the texture case. The
main difficulty is that the initial values on the distribution of dispersoids which can
not be determined from processvariables but must depend on experimental data. With that
limitation the results are found acceptable. Another problem is that the
structure-property models are too crudely for instance for the prediction of stretch
formability.

1. INTRODUCTION

Computer simulation is already well established in the Norwegian aluminium industry for
modelling the mechanical and thermodynamic aspects of strip and D.C. casting and of
extrusion. The task we shall consider here is the modelling of the microstructural
changes occurring in several steps in the production of thin aluminium sheet that is to
be used mainly for food and drink containers. The aim of our work is to describe the
microstructural changes that result from altering controllable process variahles. The
models for each production stage are then linked to correspond to the process route in
order to predict final product properties. Process control in an integrated sense is the
ultimate aim, so that the work can be applied to the important tasks of alloy development
and optimalization. The basic problem is that a change in one process variable has an
impact on several structural parameters and other process variables so that even
qualitative evaluations or rules of thumb are difficult to make. While the principles
governing the ecffect of each process stage on the individual elements of the
microstructure of aluminium are largelj understood, the whole network of interrelations
makes for an exacting calculation. Texture control is a good example of this. One adds to
the complexity when one wishes to consider a spectrum of product properties rather than a
single property.

Traditionally, production has been tuned to a satisfactory routine through much trial
processing and production experience. Alterations in the established procedures are
therefore hard to make. In order to cut down on expensive trials, to make production
nore flexible and new product development easier, Norwegian aluminium producers,
sponsored by the NTNF, have defined a research program some of whose first results we now
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report.

The first task in developing a useful model has been to establish mathematical
descriptions of the individual metallurgical processes. Frequently, these involve
quantities such as activation energies, equilibrium solubilities, etc., that must be
determined in order to specify the dependence of the microstructure on temperature,
and degree of deformation. A number of experimental studies have been undertaken to
supplement literature estimates of such quantities.

time

The second

requirement for a numerical model is to link the various stages so as to
describe the microstructure at the final stage. Relationships between microstructure

and

macroscopic mechanical properties are then available, although they are frequently of an
empirical nature. By determining these relationships for the alloy compositions of
interest we aim to build up a model by which relevant mechanical properties can be
estimated from processing variables.

The starting material for ‘the thermomechanical processing of aluminium sheet is
determined by the composition of the charge and by method of casting and breaking down,
so, ideally, these factors need to be included in a complete description of the

production sequence.

The main body of our work has been on two economically important aluminium systems:

commercial pure aluminium and AlMn(Mg) alloys.

model to the

To a large extent we have limited the
relatively straightforward strip-casting process in which hot rolling is

unnecessary. The usual semi-finished product is sheet in the thickness range 0.25 - 0.5
mm in soft or deformation-hardened condition. The process stages are given in Table I
together with the process variables and the microstructural parameters considired in the

model.

Processing of a given alloy may,

homogenisation, for

for ex

example, is not alw

ample,
ays necessary.

involve only some of these processes;
Furthermore,

cold rolling and

annealing are frequently repeated so as to produce the desired final temper. Computer
simulation therefore usefully can be divided into routines describing each process that

can be combined as necessary.
reduction 33%) from strip-cast pure aluminium,

For insta

nce,

to produce sheets in Hl4 condition (final
the route is 1-2-(4)-5-6-5-6-5.

In this

case, the degree of cold reduction before the first annealing can freely chosen to

optimise the anisotropy of the sheet,
the final thickness. To produce stronger materials the route is simpler:

while the second must be undertaken at 1.5 times

1-2-(4)-5-6-5

where the annealing position is adjusted so as to give the required temper.

Table 1i:

Process variables and microstructural parameters

for modelling the production of aluminium sheet

Production
Stage

1. Charge

Casting

Hot rolling

Homogenisation

Cold rolling

Annealing

Process
Variables

Alloying elements
Impurities

Solidification
rate

(bC - 10-20 K/s,
sc - 200-500 K/s)
Reduction, exit
temperature

Heating and cooling
rates, Hold-time
and temperature

Cold reduction

Heating and cooling
rates, Hold-time
and temperature

Metallurgy

Solidification

Dynamic
recovery

Dissolution,
nucleation,
precipitation,
Ostwald growth

Dislocation-
particle inter-
action

Recrystalliz-
ation,recovery,
precipitation

Microstructral
Parameters

Total concentrations

Primary phases, solute
concentrations, dendrite
and eutectoid morphology,
texture and grain size.

Primary phase distribution,
subgrain structure, texture

Primary and secondary
particle distribution,
solute concentration

Dislocation

structure, texture

Grain size, precipitate
distribution, texture

The properties we are seeking to control or predict by means of modelling are those

relevant to forming:
hardening),

springback,

earing,
Fort

strength,
softening.

bendability,
unately,

stretchability (including deformation
the description of the microstructure
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need not be particularly detalled for this purpose. The existing theories relating these
properties to the microstructure depend to a large extent on a few structural parameters
that are evaluated as averages. The microstructure parameters we necd to consider are the
size and spatial distribution of i) coarse particles and ii) dispersoids, iii) the
concentration of elements dissolved in the Al matrix, iv) the dislocation structure and,
determined by these, v) texture and vi) grain size.

In the following, we discuss the theories we have uscd to model changes in the structural
parameters at each production stages. The model has to date been assembled using empirical
results where the metallurgical processes, e.g., nucleation, arc particularly difficult
to model ab initio. In these circumstances, quantitative characterization of the results
of the process, (e.g.,the particle distribution in the case of nuclecation) can provide
the necessary parameters. It is emphasized that in each case the parameters or properties
are related to controllable process variables. Finally, ideas for developing the model
further are discussed.

2. STRUCTURE MODEL

2.1 SOLIDIFICATION

Solidification determines the initial values of most of the relevant structure
parameters. The features of the as—-cast structure are the compositions and the spatial
and size distributions of the primary, precipitated phases, and the solute content and
preferred orientation of the Al matrix. These parameters determine the nucleation of
recrystallization and the supply of solutes to sustain precipitation reactions during
subsequent annealing and homogenisation.

A typical example of the cast structure is shown in Fig. 1. It is characterized by cells
or grains each with a core (the nucleation site) and a long tail of secondary dendrites
extended normal to the solidification front. The size of the grains depends on the
amount of effective titanium-boride particles added in the melt. The modelling of the
grain-refining is a seperate item which we have not yet included (Hellawell, 1979;
Sigworth, 1984). The importance of the secondary dendrite spacing is that it determines
the initial distribution of intermetallic particles and the thickness of the eutectic
colonies. It is reported to depend mainly on the local cooling rate (Bower, 1966) and to
some extent also on alloying (Miki et al., 1975). The spacing in m is very well
described by the following expression:

‘ -B
SDS = A . T' 7, (1)

where T' is the cooling rate in K/s and the coefficients A-and B are approximately equal
to 33 and 0.33, respectively.

The morphology of the eutectic volume between the dendrites is normally characterized hy
a lamellar structure which, in section, appears more irregular than in a eutectic alloy.
Its regularity becomes apparent, however, when the particles are viewed in their full
three-dimensional complexity. By the dissolving the Al matrix in a suitable alcohol, the
morphology of the intermetallic phases can be revealed (Simensen et al., 1984) (Fig. 2).
As a guideline it is useful to consider the factors determining the minimum lamella
spacing, , for a eutectic (Porter, 1981).

>‘-k 2-YTE 2y Tg
AH-AT,

The enthalpy,AH, and the phase boundary energy, y, depend on the phase precipitated
whereas the undercooling AT depends on cooling conditions and the position in the
metastable phase diagram. T, is the equilibrium eutectic temperature. The problem of
predicting the precipitating phases is nonetheless a major hurdle for a model based on
fundamental principles so we will outline some means of skirting it.

A measure of the coarseness and the spread in the dimensions of the eutectic structure
or,ideally, the lamella structure is nceceded for the prediction of properties. We shall
see that it is a feasible with modern characterizing methods to chart how such parameters

depend on, for instance, alloying elements and cooling rate and hence obtain an empirical
link.

The prediction of the type and amount of cach phase is an obvious difficulty. We know
that the cooling rate determines the metastable phase diagram and therefore the order in
which phases nucleate and grow. An example can be found in the competition between Al_ Fe
and Al _Fe where Al.Fe is the equilibrium phase which forms when undercooling is small’
With increasing cooling rate, the undercooling increases more rapidly for this phase than
for Al Fe leading to a preference for the latter for cooling rates above 10 deg/min (sce
Figure 17 in BHckerud, 1968). The same argument is probably valid for the precipitation
of AlmFe above 100 deg/min. One needs also to consider the temperature gradient (Adam et
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al., 1972).

Having set up the sequence in which the phases are likely to precipitate, the relative
proportions are governed by the availahility of the necessay solute elements. We have
used this type of analysis for the AlMn(Mg) where the number of possible phases is
limited and empirical limits on the range of substitution of Fe for Mn in Al Mn and
a-AlI%Mn,Fe) Si are known (Mondolfo, 1978). Furthermore, in this case, the average
compositions of the primary phases were available from TEM studies (Dons, 1984).

If we now turn to the problem of predicting the solute concentrations in the Al natrix,
we get less help from the fundamental principles and have to rely on experimental
findings. For the Al-Fe system, these can,to a large extent, be systemized. Using the
data of Miki et al. (1975), we find to a good approximation that the amount of iron
remaining in solution on cooling to room temperature, S} is given by:

Fe’
' e '
SFe CFe.log(T ) (3)
where C, is the total concentration of Fe and T' is the cooling rate. It is less clear,

however, to what degree precipitation of Fe is accelcrated by the presence of Si or Mn.

The solubility of silicon in AlFeSi and AlMn(Mg) alloys is not available in the
literature. By analysing the concentration in the alcohol used to dissolve the matrix
around the intermetallic particles, however, one obtains a useful estimate of this
quantity. It appears to be governed by the phases formed and cooling rate. The
concentration,S.., remaining in solution after cooling to room temperature decrecases
slowly with cooling rate from about 0.12 wt%Z at T' = 3C0 deg/s. Initial concentrations of
5i above this provide a driving force for the precipitation of Si and it can be shown
(Fig. 4) that the Si concentration in the intermectallics, MSi’ is proportional to this
excess, i.e.,

= -— 1]
FeMgy = (CgymSgy)e (4)

i

where Séi k1+k2.1og(T') and f is the volume fraction of particles.

The final structure parameter to be considered here is the texture. The formation of
preferred orientations during solidification is relatively straightforward since crystals
grow fastest in the (200) directions. The texture is then determined by the oricntation
of the solidification front which for the Hunter-casting process is ineclined at about 30
deg to the casting direction in the bulk of the sheet. The resulting texture is a (100)
fibre type about the normal to khe front but cyclic due to the shect symmetry (Fig. 4).

In concluding this subsection, we can note that the prediction of the microstructural
variables is imperfect because we lack systematic information about the metastable phase
diagrams for the cooling rates found in strip casting. From a extemsive, systematic
characterization of a few standard alloys, it has been possible to establish an
empirical, numerical description of the local cooling conditions, and factors governing
phase-sclection, morphology and solublity for a specific casting process. Extension of
these analyses to related alloys and to other casting processes in order to establish the
necessary phase diagrams will place this stage of the process model on a more seccure
foundation.

2.2 HOMOGENIZATION

For some products, the metastable primary particles make the sheet poorly suited for the
subsequent processing. They give rise to unacceptable galling, large grain size, poor
formability, extreme earing, etc. In order to Improve these properties the sheet is
subjected to relatively long-term heating at temperatures between 550 and 640 deg C.
During this process the primary particles change in shape and size, the less stahle
phases transform, secondary particles precipitate and the solute content is
redistributed. This is well illustrated by the result of Theler & Bichsel (1967) shown
schematically in Fig. 5.

The geometrical changes in the primary particles are not easily quantified. We have found
it most useful to quantify their distribution after rolling (sce Sec. 2.3) particularly
because it is to the nucleation of recrystallization at that stage of processing that
they are most relevant.

Al-Fe~-Si. As mentioned in the previous section, the commercial Al system is in fact one
of the most complicated alloy systems with several elemental, binary and ternary phases
occurring (Westengen, 1982). In strip-cast materials with higher cooling ratesadditional
metastable phases occur (Andersson, 1980). On heating, the metastable Al _Fe and Al Fe
phases transform to the equilibrium Al,Fe with kinetics determined by Kosuge and Takada
(1978). Other phases may, however, be stabilized by traces of other elements. An example
is Mn which is often present in recycled aluminium and which stahilizes the cubic phase,
g—AHZ(Fe,Mn)3SiX.

él—Mn—(ﬁ&l. The stabilization of the a-phase by Mn is one reason for the intermetallic
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flora" being somewhat simpler in this system. There are essentially just two competing
secondary phases, Al(Mn (isomorphous with Al Fe) and the ad-phase. When Si is present and
available, the dominant second phase has the a-Al Mn3Si structure where x equals 1 for
low Si contents and 2 for higher concentrations. %Ee crygtal structures are closely
related; the second Si atom lowers the b.c.c. symmetry of the x = 1l structure to s.c. for

x = 2. The availability or activity is reduced by the other clements notably Mg (Watanabe
et al, 19384)

The distribution characteristics of the second phase particles appear to determine the
plastic properties such as ductility that are relevant to forming (Mathiesen ct al,1983).
The development of this distribution occurs in three stages form the supersaturated Al
matrix. Semicoherent discs of the ~phase nucleate (Hausch et al, 1978), most readily in
cold~worked material. After recovery and recrystallisation have removed favourable
nucleation sites, supercritical nuclei continue to grow by precipitation. Finally, the
larger particles grow at the expense of the smaller because of their more favourable
surface-to-free energy ratio (Ostwald ripening). At temperatures of commercial interest,
nucleation and recrystallisation are complete within seconds, precipitation within
minutes so the processes are difficult to follow even with small laboratory samples.
Modelling of the precipitation of secondary particles must take into account i) the
density of nuclei which depends on the availablity of nucleation sites formed during
casting or subsequent cold rolling, 1i) supersaturation, iii) solutes released through
phase transformations, iv) the phases being precipitated.

In order to establish the mechanisms involved in the precipitation and ripening stages,
we have examincd the response to isothermal heat treatment of the strip-cast AlMn(Mg)
alloy, Norsk Hydro 303,. The treatments were performed on the cast sheet and on sheet
cold rolled 75%Z and 90Z. The precipitation was followed by electrical conductivity
measurements, the recrystallisation by Vickers hardness, HV,, and the forming properties
by tensile testing and punch stretching. From the conductiv%ty data (Fig. 6), especially
for the shorter heat treatments ai low temperatures, we were able to establish the order,
n, of the reaction (see Walas (1959), p29ff) to be 3. The expected differential rate
equation is:

S
d°Mn 3 X
dt = RS +Ssi )
The value of 3 for n indicates that S_., is not a rate determining factor for the

precipitation. That is, that the factor SS.x can be included in the constant, k.
Furthermore, the fact that the reaction rather than diffusion determine the precipitation
rate means that k will also depend on the area of the phase boundary, which, in turn,
is proportional to the number of particles nucleated. Subgrain boundaries appear to be
the favoured nucleation sites, so recrystallization stops nucleation. Since
recrystallization and nucleation have different activation energies, heating rates must
be considered in a model that is to describe the distribution of precipitates.

For n > 1, integrating (5) and establishing the boundary conditions from the initial and
equilibrium values, gives an equation for SMn as a function of time:

_ =2 _ ' _a -2 _ v -
(54 ~Sy,(ea)) (SMn(O) Syn(ea)) = 2.k'.(t co) (6)

where t is the time that precipitation is initiated.
The constang, k', in (6) includes the temperature dependence of the reaction constant k
which is cxpected to be of the form k _.exp(-H/RT), where H, the activation energy for
the reaction, was found to be approximately 35 kcal/mol.

The third stage in the development of the secondary particle distribution involves
coarsening via one of secveral transport mechanisms. The average particle diameter
increases as the elapsed time raised to a power of 1/m where m = 2,3,4 or 5 according to
limiting transport mechanism. For NH 303, a value m equals 3 was found, indicating that
bulk diffusion controls the rate of coarsening. An activation,energy appropriate to Mn
diffusion explained the increase in the growth rate from 1 nm /s at 435 deg C to 75 nm /s
at 550 deg C.

Although the work and theories mentioned above refer to high temperature homogenization
treatments, they are also valid for the development of the particle size distribution and
precipitation during annealing at lower temperatures.

Changes in the texturc during homogenisation have little direct bearing on the texture in
the final sheet but changes in the concentration of iron in solution, in the small
dispersoids and in the distribution of coarse particles will have a profound influence.
This topic will be treated in subsection 2.4 on the anncaling process.

2.3 COLD-ROLLING

The microstructural changes during cold rolling with which we need to be concerned are
i) the development of texture both in the bulk of the sheet and in the surface and mid
thickness layers which undergo hetrogeneous deformation,

ii) the breaking up of the eutectic structure into single particles, and
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iii) the strengthening mechanisms operating in deformed materials.

The theory of texture development is based on the work of Taylor (1938). Several
sophisticated computer programs have been developed (Aernondt,1978) to predict textures
for given strains and strain ratios. The calculated textures are sharper than in reality
and they are to some extent displaced (Dillamore & Katoh, 1974a) but they provide a
qualitatively correct picture. The Taylor model is therefore accepted as a useful tool
for understanding of texture development.

The detailed evolution of the main texture components can be followed by measuring the
Orientation Distribution Function, a three-dimensional presentation of the preferred
orientations (Hirsch et al.,1982; Ebsl¥h, 1984). The orientational changes which occur
during rolling are important for an understanding of the recrystallized texture.
According to the views of Dillamore and Katoh (1974b), some mechanisms of
recrystallisation such as subgrain growth and nucleation at grain boundaries, tend to
reproduce existing texture components. Heterogenities can be formed during rolling in the
following way. A crystal may break up in such a way that one part follows one path (in
Euler space) to a stable orientation whereas a neighbouring part rotates to a different
orientation. The highly deformed regions in the transition zone between them becomes a
very potent site for nucleation. The cube texture which can dominate in annealed
aluminium, probably nucleates on such sites. As we shall see, precipitation and
segregation at high or low-angle boundaries can critically change the balance between the
texture components in the anncaled microstructure.

Our main purpose in studying textures in sheet aluminium is to predict earing. For this,
a numerical description of the variation of stable deformation textures and the cube
texture is required. Since the former are nearly equivalent to each other in their
consequences for earing, no distinction need be made between them. Accordingly the
texture strength may be characterized by the intensity of the main maxima in (111) pole
figures. The cube texture is similarly measured by the intensity of the characteristic
peaks in the pole figures.

Except for a small effect of the rolling practice and a tendency for variation to he less
at high strains (above& = 2.5), the intensity, R, of the rolling texture increases
linearly with strain in those parts of the shecet that experience plane strain.

R = k.t€ (7)

This agrees well with observations on the ecaring behaviour in the strain-hardened
condition.

The effect of rolling on the cube texture component is more complex. It is most easily
described as a rotation about the rolling direction towards an {hk0}£001> orientation
(Takahashi et al., 1978). The rotation increases with deformation but the migration
towards the stable orientations 1s slow. The variation in the strength can he descrihed
as an exponential decay. The rotated texture component gives less strength parallel to
the rolling direction than at 90 deg to it. Denoting here the change in the intensity of
the fibrous cube peak by C, we can express the effect of cold rolling by:

C = C(0).exp(-a.g) (8)

Consideration must also be given to the inhomogeneous deformation that occurs with
rolling. Near the surface there is an increased deformation which includes a shear
component. The extra deformation gives stronger textures, while the shear leads to weaker
textures or even new texture conmponents (Dillamore & Katoh, 1974a). We have found that
textures are only slightly stronger in the surface, showing that the effect of any shear
component is weak. A slight acceleration in the texture development that is observed ‘when
using a four-high mill (for which inhomogencous deformation is larger) compared with a
two—high mill needs attention, however.

The size of the primary particles is important for the prediction of several properties.
The quantification of the morphology of the eutectic particles in the casting was
difficult because of their complex shapes. During deformation these particles are broken
up into simpler picces whose size distributions are found to follow a log=-normal curve.
The distribution is therefore described by three parameters: the volume fraction of the
particles, the mean diameter and the width of the size dJdistribution (the standard
deviation in logarthmic coordinates). Since some of the particles are rod shaped, a
fourth parameter, the thickness-to-length ratio, is sometimes nceded. Any other
parameters that enter into relationships of interest may be derived from these.

The volume fraction of binary particles is reasonably well determined from a knowledge of
the approximate phase composition. The particle size is governed mainly by the dendrite
spacing. There are however differences from alloy to alloy, such as the systematic
decrease in the average size with the Fe/Si ratio observed in the D.C., the VAW and the
Hunter casting methods (Fig. 7a). This can be understood as a shift towards less
favourable phases at greater undercooling.



2-7

Systematic trends have also been found in the width of the particle-size distribhutions.

Here, the Si content (C_,.) appears to be responsible (Fig. 7b). The reason is not clear

but the rapid decrease §ﬁ the solidus temperature with Si enrichment may play a role. In
a similar way the effect of homogenization on particle distribution can be mapped.

The spatial distribution of particles can be quite inhomogeneous in continuously cast
sheet because it is subject to much less deformation than D.C. slabs undergo during
breaking down. Since grain size, bendability and stretchability are all influenced by
this inhomogeneity, a statistical characterization of it is an important feature to be
incorporated in the model.

Finally, the incrcase in flow stress that occurs during rolling reflects an rapid
increase in the stored dislocation density (Sheppard and Zaidi, 1982). The applications
with which we are most concerned do not depend critically on differences in yield
strength from one alloy to the next within the Al-Fe-Si alloy system. The dislocation
behaviour is of more concern in the prediction of work-hardening amd ductility properties
and recrystallization. For other applications, notably in connection with finite element
methods (Ayres, 1983) and MATMOD (Schmidt and Miller,1982) great efforts have becn made
to establish general constitutive equations for the microstructural dependence of the
stress-strain curve. The obscrvations and calculations that we have performed have
indicated that consideration of solute content, particle size and texture allow a
description of the yield properties.

2.4 ANNEALING

As mentioned in the introduction, annealing can be introduced into the cold rolling
sequence at virtually any sheet thickness in order to adjust the temper of the final
sheet. This means that the microstructural parameters at the start of annealing will
vary. Generally, however, the metallurgical processes will be the same: the precipitation
and growth of second phases, the recovery and recrystallization of cold work and the
development of preferred orientations. All these are interrelated.

The kinetics and mechanism of the recovery and recrystallization processes are determined
by retardation effects which in our case means drag forces duc to small dispersoids or
segregation on grain boundaries, and by acceleration aided by large particles and
increased deformation energy or dislocation density. The retarding effect of small
particles has been clearly demonstrated by Doherty & Martin (1976). The nucleation rate
for recrystallization, as measured by the final grain size, rapidly becomes sluggish with
decreasing interparticle spacing. The drag forces determining these effects can be
expressed as (see Martin, 1980)

F=3an/r for grain boundaries, (9a)
and
F= 30LSBLf/8r2 for sub-boundaries (9b)
where &, and o are the specific boundary energies for grains and subgrains,

S
respectively, agd L is the subgrain size.

The parameters needed for the calculation of the drag forces exerted by dispersoids are
then the dispersion ratio f/r and particle size r (or the related parameters such as
interparticle spacing). Empirical data is available for a numerical description, but an
aim of the calculations referred to in subsection 2.2 is to estimate these quantities.

0f the factors which accelerate recovery and recrystallization, the stored deformation
energy increases with the work hardening and flow stress. Some factors which relate these
quantities are covered briefly in the next section and otherwise thoroughly in the
literature on strengthening mechanisms (e.g., Kelly and Nicholson, 1971).

The other important which enters into predictions of recrystallized grain sizes (Nes,
1976; SandstrBm, 1980) is the density of particles larger than a given size. The
statistical description given in subsection 2.3 yields all necessary information. The
spatial inhomogeneity typical of continous cast material is that particles tend to be
found in layers from which recrystallization starts (Langsrud, 1983). The spatial
distribution therefore also needs to be incorporated in the modelling.

It may seem difficult to make any numerical calculations, but to illustrate that
reasonable results can be obtained using very simple concepts, an example can be given.
We assume that acceleration is due solely to the density of particles larger than 1.2 pum
(chosen arbitrarily, but gives correct alloy dependency) and retardation solely to the
amount of secondary precipitation of iron. These parameters are calculated according to
the prescriptions given previously. From Fig. 8 it is seen that the systematic varlations
are given surprisingly well in a plot like this - especially in view of the neglect of
variations in deformation energy, spatial distribution, etc.

Predicting the textures at the first interannealing position is of major importance for



2-8

the determination of the final texture (Naess & Andersson, 1984). The texture development
at this stage has been extensively been studied in a joint Norwegian-German project on
the control of texture. This project has shown that strengths of the two dominating
texture types - the retained rolling textures and the cube texture - change
systematically with deformation, alloy composition, homogenization and rolling practice.
This is best illustrated by an example. We have chosen to present some results on
materials cast with the VAW continous casting machine (Moritz,1969) basically because
these materials are the least complicated thanks to their nearly random starting texture.
The development In the strength of the retained rolling textures as measured by the peak
intensities of the main maxima in the (111) pole figure is shown in Fig 9. From plots
like these it is clear that the texture strength increases progressively with the strain
and a suitable description at this stage is:

R = Ro.exp(k.€) (10)

Furthermore, these coefficients should bear a relation to the structure parameters. This
texture component depends on drag forces, like iron in solution and dispersoids and on
the occurrence of large particles. The analysis has not proceeded far enough to allow a
formulation to be made. We have therefore looked directly at the alloy composition to
find an empirical parameter that reflects the 0Y7§a11 variation in the structure

parameters. For this purpose the ratio r C F was sclected. Plotting the
inclination k and level R0 agalinst this parame%er (F ig 10), relationships can be found:
R0 = A.exp(-B.r) (1)

k =D+ E.r + F.C_./C

$i (12)

‘Fe
where A, B, D, E and F are coefficients which depend on the casting method and the
homogenisation conditions.

According to the ideas of Dillamore and Katoh (1974b), the cube texture is expected to
increase in strength but, as shown by Ridha and Hutchinson (1982), recrystallization
nuclei can be destroyed so that a maximum intensity is found as the cold deformation is
increased. It is not clear whether this mechanism operates here but, by plotting the
texture strength against the cold reduction, a maximum is found in the cube intensity.
Furthermore, on a logarithmic scale, the curves are hyperbolae so a suitable mathematical
expression is:

C, = Cmax.exp(- ((€-€m)2+B2) (13)

where C is the cube strength maximum at strain em and B determines the width of the
maximum.

By means of expressions (7) to (13), the texture can be described analytically as a
function of cold reduction. In the next section we shall see how by combining the results
for cold rolling and annealing the texture of the final sheet may be predicted.

In the AlMn(Mg) system, the strength of the various components is strongly affected by
the average dispersoid diameter and to the extent to which the primary particles have
dissolved. For small dispersoid diameters (underaged), grain boundaries are strongly
pinned to the extent that the texture remains very similar to that of the casting and the
mechanical properties are highly anisotropic. For dispersoid radii greater than
approximately 50 nm, normal recrystallization occurs giving more isotropie mechanical
propertics.

3. FINAL STRUCTURE

So far, we have tried to model the microstructural changes occurring during cach process

step. We shall now give an example of how these calculations are combined to describe the
structure in the semi-fabricated product. The selection of structure parameters has been

made by considering the controlling factors for a variety of interesting properties. Many
structural parameters could be chosen; we have chosen one of particular interest to us at
the Central Institute and to our aluminium industry.

3.1 Texture

The texture at the first Interannealing position (denoted by I) has been treated
subsection 2.4. In order to use that result the influence of previous orientations must
be ascertained. It Is most pronouced after hot rolling slab-cast materials becausc a
large number of potent cube-oriented nuclei are present if the finishing or exit
temperature is below the recrystallization temperature. This also occurs to some extent
in Hunter—-cast materials. The modification that we need to make to the model has to take
into account that cube nuclei are very effective at small cold reductions but gradually
lose their importance at large reductions. Numerically, it is sufficient to include an
extra term

¢, (1) = Co.exp(-a.E). (14)
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The term in equation (13) is then denoted C,(I) and the texture strength of the cube at
the first anncaling position is the sum of these contributions. If the processing is to
produce deformation-hardened sheet, then the cffect of the final reduction is simply
described by equations (7) and (8).The linearly increasing deformation texture can be
added to the partially destroyed cube texture:

R R(II)+k.€ (15)

and

C C(I).exp(-a.t) (16)

To obtain the HI14 or the soft condition, intermediate cold rolling and an extra annealing
is necessary. In this case the cube texture prior to the cold rolling is that resulting
from the first annealing, i.e., Co in equation (14) is given by

c, = Cl(L)+Cz(I) (17)

since the cube-oriented grains may serve as nuclei in the same way as in the previous
stage of processing.

At low deformations, nucleation can be slow and the resulting grain sizes are then large.
In this situation, the cube texture dominates over the retained rolling textures in the
case of unhomogenized continuously cast shect. Numerically, we express this effect as a
multiplicative factor k_ depending on the fraction of large primary particles. For
homogenized or DC-materials the factor differs little from ! as is also the case for
higher alloyed materials. It should be noted that the drag forces which would increase
this factor are substantially lowered by the previous annealing. The size of the primary
particles, however, has not increased, so unhomogenised materials will still have a low
nucleation rate. Furthermore, a second contribution to the cube component develops in the
sdame way as C2(I). In particular it scems to depend on the same microstructural
parameters.

The main texturc components after the second interannealing can now he described by :

C(II)=k (N_,€).(C(I)+C (1)) + €. (II) (18)

m v 2 2
= = €).R(I 19

R(IT)=k (-N_,€).R(I) (19)
where N is the density of large particles and the strain implicit in the expression is
the cold reduction between first and second interannealing.
These final texture changes are not significant in the case of materials in HI14
condition.
The description given above could be made more complete. At present we use diffeorent sets
of coefficients in equations (14) to (19) depending on the casting method or the degrce
of homogenization. By establishing the functional dependence of these coefficients on the

structural parameters which are altered in thesc process steps, we would obtain a model
that covered the complete processing sequence.

4. STRUCTURL-PROPLRTY RELATIONSHIPS

It has been shown that it is possible to set up a complete system to describe texture in
the semi~-fabricated sheet product following any common process route for the commercial
aluminium alloys discussed. We now consider how these results can be related to the
properties of the sheet and its hehaviour during fabrication of the final product.

4.1 EARING

Having determined the texture strength at the final product thickness,the relation to
caring for any given gecometry must be found. This problem is trecated in some detail by
Bate and Rodrigues (1984). For a given deep drawing product we have found it possihle to
simply relate the strength of the texture components dircctly to caring values with a
linear expression, the coefficients of which could be determined by linear least square
method. Using the set of equations described above it has been possible to calculate the
percentage caring to an accuracy of ahbout 1%.

4.2 STRENGTH

The strength of non~hardnenable aluminium alloys depends on several of the structure
parameters we have been concerned about like small particles, solute content, grain size
and texture. Theories on their effects are well known (sec Martin, 1980). The strength
increase due to imprenetrable particles follows the Orowan equation where the important
parameter is the interparticle distance. The solid solution contibution due to the strain
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field around foreign atoms varies as the square root of the solute content (Kelly,1971).
The effect of grain size follows the Hall-Petch relation in the general case. The
strength differences due to textural anisotropy can be described in terms of the Taylor
model. It is not clear how these strength contributions should be added but normally one
chooses to add the square roots of each contribution and then square the sum. In the
present program an adequate correspondence between observed and calculated initial flow
stresses is found for commercial pure aluminium (Fig. 11) using the procedure above but
neglecting the Orowan mechanism.

The stress—strain relationship follows approximately the simple Holloman equation but -
cspecially for large-strain deformation of aluminium - a better equation is a modified
Voce type (Lloyd & Kenny,1982). The coefficients must then be related to the structure
parameters. For the important case of Mg-bearing alloys for instance, numerical
relations have been mecasured (Lloyd & Kenny, 1982 and Kohara & Katsuta, 1978). The
interpretation of these relations are qualitative at this stage (Lloyd et al. (1978).

4.3 STRETCH-FORMINGC

The stretch forming properties of sheet are governed by so many factors that involve the
interaction of the work piece and the tooling that a microstructural description of the
sheet can only partially describe the performance of a given alloy. Two important
characteristics are the work hardening capacity, especially at low strains, and the
plastic anisotropy ratio which describes the resistance of the sheet to thinning.

The work-hardening index measured by tensile testing cold-rolled and anncaled AlMn(Mg)
sheet was found to increase with the duration of the homogenization treatment up to a
limiting value of 0.22. This improvement was accompanied by an increase in the radii of
the dispersoids from 30 to 150 nm, both as a result of Ostwald ripening and by the
reprecipitation of solute elements from the dissolution of the metastable primary phases.
The increase in this index reflected the importance of dispersoids with radii larger than
approximately 65 nm in creating dense dislocation tangles in deformed material. Smaller
particles appeared from TEM studies to play no role in the development of the dislocation
subcells that were found in samples deformed 10 to 207%. This observation led us to relate
the maximum density of dislocations, and hence the tensile strength, to the dimension of
the subcells which, in turn, was determined by the average spacing between particles

greater than 65 nm (Mathiesen et al., 1983). The work-hardening index, w, was found to be
described by

w = 0.2 - 0.05 1og(A65) (20)

where Aﬁ is the spacing between particles larger than 65 nm. Using this, a relationship
betwecn ghe homogenization treatment and the ductility of the annealed sheet could be
developed.

CONCLUSIONS

Since solidification determines the initial values of most of the relevant structure
parameters, a knowledge on how these depend on cooling conditions and alloying elements
is necessary. The phase-selection, the morphology and the solubility have at this stage
to he determined from simple governing rules and with the help of extensive, systematical
characterization. The description of the important secondary dendrite structure is,
however, satisfactory.

During homogenization the kinetics follows very well the reaction rate theory but it is
imperative to know the ongoing reactions and the nucleation mechanism. The theory of
predicting the density of nuclei need to be developed. The coarsening of the particles
follows a normal power law with an exponent of 3 which indicate that bulk diffusion is
the rate controlling process.

The microstructural changes occurring during coldrolling is qualitatively well
understood. The general texture development and possible texture components can be
predicted by means of for instance the Taylor model. Such information needs to be
quantified, bowever. The mechanisms of deformation are also relatively well understood in
terms of interaction between dislocation with other dislocation and with particles but at
large strains the behaviour is too complex. The stress—strain relationships are well
known but there is a lack of knowledge on the structural interpretation of the parameters
in these relations. Finally, the rolling has the important effect of breaking up the
cutectic colonies into single particles but in this case we must depend on an emperical
relation.

The description of precipitation during annealing follows closely what was referred to
under the homogenization process. The recovery and recrystallization seem to be well
understood in terms of dragforces on subcells and grain boundaries due to precipitates
and segregations and of acceleration due to large primary particles. For model
applications the relative importance of these factors must be evaluated and the
parameters determined. The annealing determines to a large extent the texture which is of



applications the relative importance of these faé¢tors must be evaluated and the
parameters determined. The annealing determines to a large extent the texture which is of
major concern in these thin aluminium sheets. The texture development and its relation to
the structure is presently essentially emperical. The description is found adequate for a
prediction and control of the main texture components. A more fundamental interpretation
of the mathematical expressions and more direct relations to relevant structure
parameters is needed.

Earing, strength and stretchability were chosen as cxamples of how the calculations can
be combined to describe the structure and thereby the properties in the semi-fabricated
products. For specific alloy systems these properties were calculated to an acceptable
degree of accuracy. The most complex case dealt with in the present context is the
prediction of caring and also most of the effort have been put into that problem. It is
therefore satisfactory to have a modell that works sufficiently well. However,a lot of
work remains to be done on the generalization of the model and on the detailed
understanding of the functional behaviour and structural dependencies.

Clcarly there are a large number of properties depending on the structure parameters
considered here. A lot of information of qualitative and semiquantitative nature and
calculation models for a number of properties based on related structure parameters can
be tound in the literature. An effort must therefore be put into the quantification of
such rclations or models in order to obtain realistic models able to describe the effect
of processing on the structure as well as to predict a number of useful properties.
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Optical micrograph of the casting structure of AlFeSi as cast with a Hunter machine. The
structure is characterized by a cells or grains each with a core and a long tail of
secondary dendrites normal to the solidification front.

Fig. 2
Scanning electron micrograph of the intermetallic phases as residue on a filter after
dissolving the aluminium matrix.
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Comparison between the observed fraction of silicon in the intermetallic particles and
the theoretical value from equation 4.

Fig. 4

A (111)-pole figure from a Hunter-cast coarse-grained material 25% below the surface. The
texture is a (100)-fibre type with fibre axis normal to the solidification front.

Due to
the sheet symmetry the texture components are centered around 111 112 ,
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Fig. 5
The influence of homogenization on the phases and solute concentration in 99% Al shown
schematically (after Theler & Bichsel,1967).
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TTT diagram for the precipitation of Mn in the AlMn(Mg) alloy, NH 303. The figures denote
the weight percentage of Mn in solution. The C-curves are calculated using the rate
equation (5). The straight lines marked S and E indicate the start and end, respectively,
of recrystallization.
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The arrow

indicates the shift in these values from the middle to the surface region in Hunter cast
sheet illustrating the expected gradient in the grain size.
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Abstract

The use of steels of increasing strength and decreasing thickness is associated with different forming
problems such as spring-back, surface deflexions, low forming limit. There is therefore a need for accurate
optimization of the use of these materials through carefull modelling of sheet metal forming.

This paper presents different theoritical approaches to the determination of the forming limit
diagrams at necking and rupture taking into account the influence of the constitutive law, surface defects
and evolution of volume damage. The theory is compared with experiments.

I. Introduction

Sheet metal forming is and industrial process strongly dependent on numerous interactive variables
material behaviour, die design, press speed, loading conditions, hold down pressure, lubrication, etc. The
basic objective is to increase the stability of press performance by a correct choice of the press shop
variables. The deformation bahaviour of sheet metal is one of the most sensitive parameters in press forming
operations. Characterization of sheet metal formability is therefore a subject of major importance in sheet
metal forming analysis, providing technical means for increasing the performance in the press shop.

The formability of sheet metal is often evaluated from strain analyses using the concept of forming
limit diagrams (FLD), introduced by KEELER and GOODWIN (1,2). Forming limit diagrams, which represent the
rclationship between limiting major and minor principal strains in the plane of the strained sheet, have
found increased usage in sheet metal forming analyses.

Many attempts have been made to predict the FLDs on the basis of the theory of plasticity, material
parameters, and instability conditions.

The limit strains for the diffuse necking condition have been derived by SWIFT (3), assuming that
plastic instability occurs at a load maximum for proportional loading. In industrial stampings, the maximum
allowable strain levels are not determined by diffuse but by localized necking and therefore diffuse necking
limit curves have little practical interest.

HILL (4,5) first describes localized necking in thin sheet under plane stress states. HILL's analysis
predicts localized plastic deformation in the characteristic directions of zero extension, for the stress
states where one of the surface strains is negative. However, localized necking can be observed

experimentally in biaxial stretched sheets, and several methods have been proposed to compute the entire
FLDs.

MARCINIAK and KUCZYNSKI (6-8) have developed a theory (the M-K theory) based on the assumption that
necking develops from local regions of initial heterogeneity. Assuming the initial heterogeneity in the form
of a narrow band across the sheet, and incorporating the "J2" flow theory of plasticity, MARCINIAK et al.

(6-8) derived a system of equations which enabled a compléte description of the necking process under
various plane stress conditions.

The M-K theory has been later developed by HUTCHINSON and NEALE (9,10) and extended using a "J2"
deformation theory.

A number of authors (11,12) have given a different approach to sheet necking description, valid for

homogeneous materials, incorporating a "J2" deformation theory into a bifurcation analysis, that predicts
the entire FLD.

Theoretical and experimental FLDs are determined for proportional strains paths, 1i.e., the ratio p of
major to minor strain is constant at any stage of deformation .

During one step forming operations, the strain path is often 1linear in the first stages of
deformation, but as straining progresses, the strain path gradually curves towards plane strain (13-15).

Industrial stampings of complex shapes, often involve multiple stage forming operations, and linear
strain paths can no longer be observed. The evolution of the strain ratio in certain points of the workpiece
is generally quite complex and abrupt changes can take place (14-16) as shown in Fig. 1.

Numerous experimental works (17-24) have shown that formability of sheet metals strongly depends on
strain path and strain "history". Premature instabilities are observed for strain paths consisting of prior
balanced biaxial prestrain followed by uniaxial tension. Conservely, uniaxial prestrain followed by balanced
biaxial stretching considerably increases limit strains at onset of necking. In addition, a change in strain
path towards plane strain, results in a significant loss of plastic stability.
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Under such conditions, the forming limit diagrams referred to linear strain paths cannot be used to
estimate the safety margin of the forming operations. The effect of the strain path on the formebility of
sheet metals is often assessed using FLDs for complex strain paths. From these diagrams, it is possible to
understand the behaviour of the material under complex strain paths, to estimate the severity of the strain
paths imposed to the workpiece, and to optimize the shape of the dies to avoid the occurrence of necking
(18).

MUSCHENBORN and SONNE (25) proposed two empirical methods to determine the FLDs for complex strain
paths, assuming that instability occurs at critical values of the effective strain {(or thickness strain),
determined by the strain increment ratio in the final stage of deformation.

Several authors (26-28) have studied the effect of strain path on the SWIFT-HILL 1limit strains.
However, localized necking in biaxial stretching cannot be predicted using such theories.

Recently, FLDs were determined (29,30), assuming time-independent material behaviour, using the M-K
theory.

Considering the M-K theory, the present paper examines for an isotropic material, the effects on the
forming limit diagrams of the characteristic parameters involves in :
. . = N =M
- the constitutive law : 0 =X (g + E.) €
the deformation paths, simple on complex
— the initial geometrical defect F_. (appendix A)
— the defect due to volume damage ?appendices B and C)

Furthermore, this paper presents for an anisotropic material, the effects on the forming limit
diagrams of the parameters of the consititutive law and of the deformation paths.

All these results were obtained in my laboratory by Augusto BARATA DA ROCHA, Frédéric BARLAT and
Jean-Michel JALINIER (31-35). gia
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Fig.1 - Deformation paths of different points of the workpiece during multiple stage forming
operations (from Ref.14).

Fig.2 - Strain localization process- during linear incremental deformation.
II. Theoretical Analysis of the Forming Limit Diagrams for Isotropic Materials

II.1 - Prediction of the FLDs in Simple Deformation Paths for Isotropic Materials with an Initial
Geometrical Defect.

To proceed with the simulation, a linear incremental strain path is imposed to region "a"
(Fig.A.1). As straining progresses, region "b" will undergo more plastic deformation than the rest of the
sheet (Fig.2). From the boundary condition (Eq.A.8), the strain in the "t" direction is equal for both
regions "a" and "b". Therefore, as both "€" and "e_ " strains are more important in region "b", it results a
change in the strain path in this region which tends to approach plane strain. Figure 3 shows the evolution
of the strain path in the two regions, computed using the M-~K model. It can be noticed that, because of the
neck orientation, the "52" strain is always the same in regions "a" and "b" during straining for the cases

>
82 z 0.
Instability occurs when the ratio of strain rates reaches a critical value (Fig. 2).

ag®

— = constant

de

The computed limit strains depend on the initial orientation of the groove band (Fig 4). The curves of
Fig.5 indicate that the initial band orientation greatly influences the limit strains for negative strain
ratios. In contrast, for positive strain ratios, this effect gradually vanishes as balanced biaxial tension
is reached. THF value of the initial angle "Y " which leads to final necking at the lowest level of
deformation " ¥, defines the actual condition of the necking process. For positive strain ratios, necking
always occurs for neck orientations parallel to the minor principal strain direction (Wo = 0), and therefore
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the current band orientation remains constant. For balanced biaxial stretching, limit strains are
independent of the initial orientation of the necking band, since in this case, for an isotropic material,
the principal strain directions in the plane of the sheet are not determined.

The forming limit diagram is obtained for a range of imposed strain ratios from uniaxial tension (p =
- 1/2) to equibijaxial tension (p = 1) (Fig.3).
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Fig.3 — 1) : Strain path in the necking region
2) : Strain path in the homogeneous region
Strain paths obtained in the necking region if proportional straining is imposed to region
llall .

Fig.4 -~ Dependence of the computed limit strain on the initial orientation of the necking band for
several linear strain paths.

II.2 - Prediction of the FLDs in Complex Deformation Paths for Isotropic Materials with an Initial
Geometrical Defect.

The behaviour of sheet metal under complex strain paths is often examined by means of different linear
deformation path combinations. Two different types of complex FLDs can be used to determine the effect of
strain path changes on the formability of the material

~ One preliminary deformation followed by proportional straining at different strain ratios.
-~ One linear prestrain up to different deformation levels and subsequent straining at a fixed strain
ratio.

Examples of such experimental curves are shown on Fig.5(a) and (b).
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Fig.5(a) - Experimental FLDs of ARMCO Iron in simple and complex strain paths. Preliminary deformation
in uniaxial and equibiaxial stretching, followed by proportional straining at different
strain ratios (from Ref.17).

Fig.5(b) - Experimental FLDs of steel in simple and complex strain paths. Uniaxial or equibiaxial
prestrain up to different deformation levels and subsequent straining at a fixed strain
ratio (from Nakazima et al.61).

In order to predict these curves, forming limit diagrams are computed for a preliminary constant
Astrain ratio (p = p.) in the bulk up to a certain amount of prestrain, followed by an abrupt change in the
strain path (p = p_). Knowing the strain paths followed by the homogenous region, it is possible to compute
the principal stain increments in the necking region :



b dsi sin2 Y + deg 0052 ¥ o+ dsg cos2 ¥

sin2 ' 0052 ¥

(1)

b b b
dsz = - ds3 - del

The principal strains are calculated by integrating the strain increments along the corresponding
strain paths

b b
51 = de s E, = d52
°p )
a a a
= = 2
£, de ;e de ] (2)
Pa Pa

The results shown in Fig. 4 indicate that the initial critical angle which minimizes the limit strains
depends on the strain path. However, we are now dealing with a two stage deformation path, and the choice of
the critical angle may be discussed. In fact, a critical value of the initial band orientation corresponds
to each linear strain path.

The first approach to solve the problem is to consider that the current band orientation may suffer an
abrupt change as the strain path changes. A critical band orientation is selected to minimize the final
limit strains for each strain path. From a physical viewpoint, this assumption means that the strain
gradient at the end of the prestrain is not sufficiently strong to impose the subsequent necking direction.
Another interpretation is to consider a distribution of geometrical defects due to internal damage instead
of only one single groove.

On the contrary, it can be considered that the amount of prestrain is large enough to develop high
directional strain gradients and therefore to impose the neck orientation for any subsequent deformation.
The computation in this case is carried out using the value of the current groove orientation at the end of
the prestrain as the initial value of the groove orientation for the second strain path.

It is interesting to note that both approaches give the same results for two stage deformation paths
involving balanced biaxial tension, since in this case limit strains are independent of the necking band
orientation.

In the following, our computations are carried out using the second approach for different strain path
combinations. The initial value of the groove orientation in the second strain path is therefore imposed to
be equal to the value of the current band orientation at the end of the prestrain.

The value of the initial critical band orientation which leads to final necking at the lowest level of
deformation can be found from the curves of principal strain vs. initial band orientation as in the case of
linear strain paths.

As described previously for the case of proportional straining, the limit strains can be derived from
the evolution of the effective strain in the two regions. Figure 6 shows the evolution of the computed
effective strains for two typical strain path combinations. It can be seen that an abrupt change in the
strain path dramatically modifies the evolution of these strains in comparison with the case of proportional
straining. Furthermore, a change from balanced biaxial to uniaxial tension considerably accelerates the

instability process, while a change from uniaxial to equibiaxial stretching greatly increases the stability
of the deformation.
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Fig.6 - Strain localization process for two typical complex strain paths.

Fig.7 - 1) Strain path in the necking region
2) Strain path in the homogeneous region
Strain paths obtained in the necking region if a complex strain path is imposed to region "a".
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The 1limit strains can be calculated using the criterion defined for the case of proportional
straining, which is based on the analysis of a critical strain rate ratio.

The strain path in the neck obtained imposing the above mentioned strain path combinations is
presented in Fig.7. As expected, as necking develops, the strain path in the neck turns towards plane
strain, for the cases where the current band orientation is approximatively parallel to the minor strain.

The influence of the initial band orientation on the computed limit strain is presented on Fig.8 for
the case of uniaxial prestrain followed by balanced biaxial stretching. These curves indicate that the limit
strains are rather insensitive to the initial band orientation for low amounts of prestrain, and that this
sensitivity increases with increasing uniaxial prestrain.
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Fig.8 - a: Uniaxial prestrain up to €, = 0.05
b: Uniaxial prestrain up to g = 0.15
c: Uniaxial prestrain up to & = 0.25

d: Uniaxial prestrain up to €, = 0.32
Dependence of the computed limit strain on the initial orientation of the necking band for the
case of uniaxial prestrain followed by balanced biaxial stretching.

[

Fig.9 - a: Equibiaxial prestrain up to g, = 0.05
b: Equibiaxial prestrain up to El = 0.15
c: Equibiaxial prestrain up to e, = 0.25

d: Equibiaxial prestrain up to e, = 0.35
Dependence of the computed limit strain on the initial orientation of the necking band for the
case of equibiaxial prestrain followed by uniaxial tension.

[

Figure 9 illustrates the dependence of the computed limit strain on the initial orientation of the
necking band for the case of equibiaxial prestrain followed by uniaxial tension. A strong resemblance is
evident with the case of linear uniaxial tension. A strong resemblance is evident with the case of linear
uniaxial tension. In fact, the computation is independent of the initial band orientation for the first
stage of deformation (equibiaxial straining) and the computed limit strains only depend on the current band
orientation during the second stage of deformation for isotropic materials.

Contrary to the previous behaviour for the case of uniaxial prestrain followed by balanced biaxial
stretching, here , the effect of the initial band orientation decreases with increasing prestrain until it
vanishes for the cases where no subsequent uniaxial straining is possible.

The effect of different strain paths on the FLDs is presented in Figs. 10 (a) and (b). It can be seen
that uniaxial tension followed by balanced biaxial stretching results in a significant increase of the limit

strains. Conversely, uniaxial or biaxial prestrains followed by plane strain greatly reduced the forming
limit strains.

In all cases, the highest forming limit curve is obtained for uniaxial prestrain followed by balanced
biaxial stretching. One the other hand, for the range of strain paths considered, the lowest limit curve is
found under the combined strain paths of primary uniaxial or balanced biaxial stretching and subsequent
plane strain stretching. These results are in perfect accordance with previous experimental investigations
(18-25). A more important observation is that a change in strain path to plane strain is more detrimental
for the case of primary balanced biaxial stretching than for the case of primary uniaxial tension. This fact
can explain the excessive levels of the predicted 1limit strains using the M-K theroy in the case of
proportional biaxial stretching, since a slight curvature in the strain path will significantly reduce the

limit strains. Here again a good agreement is obtained between these results and those obtained
experimentally by KOBAYASHI et al. (18).

Equibiaxial prestraining enhances the subsequent uniaxial tension limit strains for small amounts of
prestrain. However, with increasing prestrain this effect is reversed and premature instability will occur.
According to this result, it is possible to define regions, in the principal strain space, attainable after
balanced biaxial nrestrain which are not attainable with a linear strain path. Conversely, strain regions
which are attainable in a single-step operation are no longer attainable after the biaxial prestrain.

This theoretical result is in perfect agreement with those obtained experimentally by different
authors (18,23,36).
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Fig.10(a) - Computed FLD's in simple and complex strain paths.
~ preliminary deformation in uniaxial and equibiaxial stretching followed by proportional
straining at different strain ratios.

Fig.10(b) - Computed FLDs in simple and complex strain paths.

— uniaxial or biaxial prestrain up to different deformation levels and subsequent straining
at a fixed strain ratio.

It should be noted here that the direction of the strain increment has an increasingly strong effect-
on the plastic instability as the deformation progresses.

The forming limit curves obtained for the case of primary equibiaxial stretching and subsequent
uniaxial or plane strain stretching, partially coincide with the linear balanced biaxial strain path.
Therefore, in this region, a change in the strain path towards negative strain ratios will dramatically
increase the strain rate in the necking region, and immediate plastic instability occurs, preventing any
subsequent deformation.

Conversely, for uniaxial prestraining and subsequent biaxial stretching, enhanced stability is
observed and premature instability does not occur. In this case, further uniaxial straining would lead to
excessive strain rates in the necking region, while a change to biaxial stretching will considerably
stabilize the deformation process. 1In other words, further uriaxial straining results in instability while
biaxial stretching leads to a high level of the limit strains as expected from the results of Fig.6. The
instability condition is not irreversible since it is based on a strain rate criterion. Therefore, further
straining is possible, if the strain rate in the necking region decreases after the abrupt change in the
strain path.

The forming limit diagrams obtained with such criterion will therefore present straight lines for high
values of biaxial prestrain and for the case of uniaxial prestrain up to the limit strains in proportional
loading.

This type of behaviour may be interpreted as a metastable plastic state in which the residual
formability depends on the current direction of the strain increment.

I1.3 - Prediction of the FLDs in Simple and Complex Strain Paths for Isotropic Material with Differents N

and M values and Different Initial Geometrical Defect Fo;

In Fig.1ll, the dependence of limit strains on the strain hardening exponent is illustrated for several
strain path combinations. The effect of increasing 'N" is essentially to increase the level of the FLDs.
llowever, this effect is the more pronounced for the cases of negative linear strain ratios, and large
uniaxial prestrain followed by biaxial stretching.

The effect of material strain rate dependence on forming limit diagrams is depicted in Fig.12. The
predicted limit strains for proportional loading substantially increase with increasing strain rate
sensitivity. This effect is greater for negative strain ratios. Metastable plastic states are considerably
reduced for high levels of strain rate sensitivity. Residual formability is always reduced by increasing
prestrain. For biaxial prestrain, this reduction is more rapid for low values of strain rate sensitivity.
Thus, while large biaxial prestraining followed by uniaxial stretching of a rate independent material

results in immediate instability, this effect becomes progressively smaller with increased strain rate
sensitivity.

In contrast, for large amounts of primary uniaxial tension the residual formability in equibiaxial
streching decreases as the strain rate sensitivity increases.

Figure 13 shows the theoretical influence of the imperfection size on the forming limit diagrams. It
can be seen from these curves that the predicted limit strains are very sensitive to variations in the
initial heterogeneity. Large initial defects are more detrimental for both linear positive strain ratios and
uniaxial followed by biaxial stretching.

Some experimental works (37-39) have shown that strain and strain rate hardening behaviour vary with
both increasing biaxiality and increasing effective strain.
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Fig.1ll - a: Uniaxial prestrain followed by balanced biaxial stretching
b: Linear strain paths
c: Equibiaxial prestrain followed by uniaxial tension

Effect of strain hardening exponent on the FLDs under simple and complex strain paths.

Fig.12 - a: Uniaxial prestrain followed by balanced biaxial stretching
b: Linear strain paths
c: Equibiaxial prestrain followed by uniaxial tension.
Effect of strain rate sensitivity on the FLDs under simple and complex strain paths.
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Fig.13 - a: Uniaxial prestrain followed by balanced biaxial stretching
b: Linear strain paths
c: Equibiaxial prestrain followed by uniaxial tension.
Effect of the imperfection level on the FLDs under simple and complex strain paths.

Fig.14 - a: Uniaxial prestrain followed by balanced biaxial stretching
b: Linear strain paths
c: Equibiaxial prestrain followed by uniaxial tension.
Effect of the evolution of the rheological parameter
under complex strain paths.

"N" during deformation, on the FLDs

Accurate predictions of FLDs require an exact characterization of the material behaviour. Therefore,
predictive models of localized necking must incorporate such effects either by using more accurate
constitutive equations or by correcting the rheological parameters of an approximate law.

Figure 14 shows the predicted FLDs for a strain path dependent n-value :
N =N (p) (3)

for two schematic cases. Strain paths consisting of balanced biaxial tension followed by uniaxial tension
generally lead to low formability and therefore no significant influence of the strain-hardening can be
observed. On the other hand, strain paths consisting of uniaxial tension followed by biaxial stretching
induce large plastic strains. An increase or decrease of the strain hardening exponent at the change in
strain path will greatly influence the further deformation. Specially, the metastable state is widely

increased when the strain hardening is increased and on the contrary is reduced when the strain hardening
value drops.
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IT.4 - Prediction of the FLD's in Simple and Complex Deformation Paths for Isotropic Materials with Volume
Damage.

Plastic instability phenomena are considered through a macroscopic description of the material as well
as a microstructural parameter, the volume damage. This parameter describes the appearance and growth of
microscopic cavities arising from material discontinuities whose origin in industrial materials is
frequently associated with the presence of inclusions, precipitates and a second phase. Very often, a number
of these particles are either needed in sheet production or required for particular mechanical and
metallurgical properties. However, they provide favorable sites for cavity formation which gives rise to a
progressive deterioration of the material.

In particular, it is well known that ductile fracture results from the nucleation, growth and
coalescence of cavities. In figure 15 which shows this type of fracture, one recognizes traces of the cavity
coalescence during the last deformation stages.

If volume damage is one of the factors leading to fracture, it must have an effect leading to unstable
material behavior from the earliest deformation stages. This underscores its importance with respect to
plastic instability phenomena.

C.C. CHU (40) analyzed different factors giving rise to high deformation gradients during the stamping
of an axially symmetric sheet using a circular die. A finite element method was used to examine the effects
of friction and boundary conditions. Volume damage was introduced through GURSON's (41) plastic flow
criterion for porous materials as well as the flow laws associated with this criterion.

C.C. CHU shows that the presence of cavities reduces the deformability of the material. However, in
order to have reasonable results, he must introduce initial values of cavity volume fractions values of 0.01
to 0.03 and these evolve to values of 5 to 10 % for stages just preceding the striction, It seems_that these
values are much too high as compared to those usually measured for metal sheets : ( 10~ to 5.10" (42)).

For the basic model of MARCINIAK, NEEDLEMAN and TRIANTAFYLLIDIS (43) have shown that one can consider
the following defect types : thickness heterogeneity between the homogeneous portion and the defect,
deformation heterogeneity, different flow stress. They also studied the heterogeneity due to a greater
volume fraction of cavities near the defect. The calculation for the biaxial case supposes the localisation

band is perpendicular to the least of the principal stresses. The constitutive equations for porous
materials of GURSON were introduced. To obtain theoretical forming 1limit curves_zin agreement with
experimental results, they had to use initial volume fraction values of the order of 10 . As in the study

of C.C. CHU, these appear to be unreasonably high. Nevertheless, the authors conclude that the difference in
the forming limit curves may be attributed to the growth of cavities.

Furthermore, CHU and NEEDLEMAN (44) analyzed the influence of cavity nucleation on the forming limit
calculated as in the preceding investigations (40-43). Various nucleation criteria were introduced in the
equations and in particular, a criterion based on a critical equivalent strain. It is assumed that cavities
appear at strains normally distributed around the critical deformation. It was shown that when the standard
deviation of this normal law is small (almost all of the cavities appear at the same strain), all the
cavities are created in the defect and not in the less deformed homogeneous portion. This explains why the
influence of nucleation in this case is very destabilizing and it leads to rather low forming limit curves.

MELANDER (37,45,46) developped a theory in which the geometrical model is identical to that of
MARCINIAK-KUCZINSKI or HUTCHINSON-NEALE. It supposes, however, that the heterogeneity is a region of the
material where the volume fraction of inclusions is greater than the mean value. It is a region whose
thickness is not necessarily different from that of the homogeneous portion. WMELANDER assumes the volume
fraction of cavities to be a function of that of inclusions and of the accumulated strain in each of the two
regions of the material This function may be identified by quantitative microscopy. As in the preceding
studies, he introduced the volume fraction of cavities in the equations of his model using GURSON's
criterion. TFor numerical applications, he used experimental values of strain-hardening, strain rate
sensitivity, anisotropy (r) and mean initial inclusion concentration. The only unknown is the inclusion
concentration in the defect. He uses this as an adjustable parameter for the agreement of theoretical and
experimental curves. This leads him to conclude that the purer the material, the more concentrated must the
inclusions be in the defect in order for the theory to be satisfactorily applicable to different materials.

Damage is introduced in a different manner by JALINIER and SCHMITT (38,47). They consider that the
volume dilatation is negligeable and that the constitutive laws of incompressible plasticity are
appreciable. Damage is introduced through a statistical study in which it is shown that plane sections in
the material cut a great number of cavities. These sections will then have a smaller area that the average
section. This section defect is then assumed to be equivalent to a thickness defect which enables them to
identify the model to be that of MARCINIAK. However, they add to the defect increase due to heterogeneous
plastic flow, a defect increase due to cavity growth. Through this method, physical parameters based on
quantitative microscopic observations can be introduced. The forming limit curves obtained are in good
agreement with experimental curves. Furthermore, their theory explains why thinner sheets give rise to less
satisfactory deformation and this is a well known experimental observation (25,48,49). This approach gives a
physical description of damage and uses a simple mechanical model for the analysis of plastic instability
phenomena.

Another purely statistic method, was proposed by VAN MINH, SOWERBY and DUNCAN (50) to explain the
distribution of experimentalloy observed deformation limits for a given material and a given operation (51).
This study is based on the hypothesis that MARCINIAK's theory holds for an elementary surface of a sheet in
which a certain cavity distribution exists. The defect amplitude is given by the largest cavity in this
element. After a probability calculation, it is possible to associate to a given stamping operation, a
forming limit obeying a statistical distribution law. The authors show that the mean deformation limit
decreases as the cavity mean size increases or as the sheet thickness decreases. However, this statistical
investigation introduces very arbitrary parameters to describe cavities.



Fig.15 - Fracture surface of Nb microalloyed steel. One finds in a cusp an inclusion of aluminium
oxide.
Fig.16 - Equivalence between a thickness defect and a section defect.

MARCINIAK's model(6-8) uses a macroscopic description of the material. He assumes that after a certain
amount of deformation, flow becomes localized on a defect represented by a narrow linear band initially
present in the material. One supposes that the material has properties in this band different from those in
the homogeneous portion and this difference is modelized by a smaller thickess or section area at the band.
Equilibrium equations show that the stress is higher at the zone "b" and, hence, plastic flow in the two
zones differ from each other.

A physical explanation can be given to the section defect from the concept of damage . For a certain
distribution of cavities, there exist sections, normal to the sheet plane, which intercept more cavities
than other sections (Fig.16). For a random distribution of cavities in a material, a statistical study shows
the existence of these sections.

This determination, developped in Appendix B, is divided into two parts:

- the first consists of calculation for a point on the sheet, the probability of finding a point
defect, due to the superposition of one or several cavities, along a line passing through the point
and normal to the sheet plane. This calculation was already done for the cases of one class of
cavities (42) or of two classes of cavities (59).

— the second considers a local defect distribution and calculates a linear defect F1 equivalent to the
defect of the plastic instability model using the M-K theory.

The evolution of the statistic defect due to the growth of cavities during the deformation is
described in Appendix C.

When damage is not taken into account in the analysis, the defect values increase (F, decreases ) only
by heterogeneous plastic flow of the material of two zones. If the cavity evolution is to be accounted for,
one must, at each step of the calculation, add to the defect, an increment due to cavity growth.

The influence of cavity growth becomes evident through the following two simulations.

The initial statistigﬂ% defect is calculated for a material containing one class of spherical cavities
of concentration C = 10 . The parameter v is equal to 350 and this corresponds, for example, to a
sheet having a thickness of 0.7 mm. and containing cavities whose initial radius is 1 um. For the first case
(a), one neglects the incremental defect due to cavity growth while the second case (b) takes the cavity
growth into account (Fig.17).

The difference between the curves obtained for linear strain paths is considerable, in particular, for
the equibiaxial case. The forming limit curves are also shown for complex strain paths consisting of two
linear branches

. uniaxial tension followed by equibiaxial expansion (TE)

equibiaxial expansion followed by uniaxial tension (ET)

The influence of cavity growth on the TE curves level is very appreciable. The loss of formability may
attain 20%. The difference between the curves shown in figure 17 could be explained by the evolution of
damage, i.e., much less cavity growth in tension than in equibiaxial expansion.

The effect of the initial volume fraction of cavities can be seen for one class of initially spherical
cavities in a sheet of a given thickness (Fig.18). In other words, the number of cavities per unit volume is
the only variable parameter. Calq&}ations were made for cavity concentration valges observable in cold
rolled materials (CVo = 5,10 ', 10 7) and for a reasonable limit value (Cvo = 5.10" 7).

As noted previously, the influence of damage is greater for complex TE strain paths. Furthermore, one
must emphasize the appreciable influence of the initial cavity concentration on the forming limit level.
Reducing this concentration is therefore very useful.
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Fig.17 - Influence of damage evolution on the FLD
a) the cavity growth is neglected
b) the cavity growth is taken into account.
Solid lines : linear strain paths
Dashed lines: expansion - tension E.T.
Mixed lines : tension - expansion T.E.

Fig.18 -~ Influence of the cavity volume fraction on the FLD level.

The parameter v which remains constant during the deformation is defined as the ratio of the
initial thickness of the sheet to the cavity diameter. For a given initial concentration of cavities, figure

19 shows that as the value of v increases, the higher the curve level is. This result may have two
interpretations

. for an initial thickness of the sheet, v is inversely proportional to the cavity diameter, It is
therefore preferable for a given volume fraction to have a large number of small cavities rather +than a
small number of large cavities.,

For a given cavity size, v is proportional to the thickness of the sheet. Thus, for a given
material, the forming limit curve level is higher when the sheet is thicker.

This result is in agreement
with many experimental results (25,48,49).

Most often, the cavity size of industrial materials is not constant. As a first approach, two classes

of cavities which differ in size (A and B) are considered. Simulations were done with the following
parameters (Fig.20)

- large cavities (class A) ROA = 5 um (initial radius)
— small cavities (class B) Rop = 1 pm (initial radius)

Coyg = 1077 £y Ne0.22 Cyo =1073 Eq N= 0,23
1 ™ = 0,012 4 T M= 0012
&) w= 1400 #) Cyp® Oyl

b w= 380 1 B ML= SR T

Rpa= Sum
Fog= 1 pm
= OTmm =

o

Fig.19 ~ Influence of the parameter v on the FLD level

Fig.20 - Effect of two cavity sizes for a given total cavity volume fraction.
a) the two classes of cavities have equal volume fraction

b) the number of smaller cavities per unit volume is 5 times greater than that of larger
cavities.

¢ and d) limiting cases for just one class of cavities.
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The total volume fraction of cavities is imposed to be 10—3. The variable parameter is the relative
volume fraction of each class. The extreme curves are obtained by assuming just one class of cavities
(curves ¢ and d for the path TE). Two intermediate cases are considered

- the two classes have the same relative concentrations (curve a)

- the number of small cavities per unit volume is 5 times greater than that of large cavities (curve
b).

These curves show that the main influence of damage is due to the presence of large cavities. In most
cases, and in a first approximation, the influence of small cavities can be neglected.

III. Theoretical Analysis of the Forming Limit Diagrams for Anisotropic Materials in Simple and Complex
Deformation Paths with an Initial Geometrical Defects.

In most anisotropic materials, the defect inclination which leads to the minimum value for expansion
deformation limits, does not coincide with the direction angle ¥ = O (Fig.A.l1). Hence, plastic anisotropy

can control the striction orientation.

A very representative case can explain this phenomenon by ascribing the value unity to r. and r and

by using r4 as a variable parameter (r ., r., and r are defined in the Appendix A). Figure 21 shows the
influence o? the defect orientation on the”geformatlon limits calculated in equibiaxial expansion (e =
€,). In the isotropic case (r = 1, curve b) the deformation limits are independent of the ini]tial

orientation of the band. For values of r, less than unity (curve a), the deformation limits depend on ¥
and the minimum of these curves correspond %o an initial inclination of the band perpendicular to either the
rolling direction or to the transversal direction (0° or 90°). Therefore, the forming limit in expansion (p
= 1) is equal to that of the isotropic case.

It is interesting to note that stampers characterize sheet anisotropy in terms of r and Ar :

r = (ro+ a0 +2r45 )/ 4

ar = (r, + r , -2

0 90 s ) 4

In the present case, the value of r less than unity is equivalent to positive values of Ar. For
values of r,_ greater than unity ( Ar <0), “curves (c) and (d) show a minimum for values of the angle
different from O ; this does not agree with the assumption of an initial defect perpendicular to thé
direction 1. It therefore appears that the value of r (or Ar) plays a very important role in this case
since it controls the advent of plastic instability 1n expansion and can considerably lower the forming
limit curve level (Fig.22). Furthermore, the curves in figure 21 meet for values of the angle ¥ equal to
0° and 90° and this proves that for these values, the instability calculation is independent of r45 0

In fact, studies for the theoretical determination of forming limit curves for anisotropic materials
under linear strain paths in expansion, have imposed the wrong hypothesis of a defect orientation normal to

the direction of the largest principal stress (53-55). This hypothesis was inferred from results obtained in
isotropic materials.
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Fig.21 ~ Forming strain limits as a function of the defect orientation for a sheet under equibiaxial
loading (@ = 1 and p = 1)
Fig.22 - 1Influence of r 5 on the FLD level for linear strain paths. g and € 0 represent strains in
the rolling ané the transverse directions respectively. °

For the most general case of anisotropic materials (r #r,.#r,), figure 23 shows that the forming
limit curves are also very dependent on Tyse In this figure, the contlguous solid line represents striction
instabiity 1limit for linear paths. In %he expansion region (e and € positives) the dashed line
represents this limit under the assumption of an initial defect perpendicular to one of the principal stress
directions. In fact, the defect orientation minimizing the deformation limits for biaxial states passes

continuously from 0° to 90°, i.e., from plane deformation in the rolling direction (e = 0) to plane
deformation in the transverse direction (eo g @)c 90
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This theoretical analysis which predicts striction directions neither colinear to the rolling nor to
the transverse directions, 1is compatible to experimental observations of fracture orientations in sheets
deformed in expansion (56,57).

The anisotropic character of the material leads to sheet behavior for uniaxial tension along the
rolling direction different from that along the transverse direction. This property of only deforming
slightly along the thickness direction is reflected by a high coefficient of anisotropy. This explains the
higher level of the plastic instability limit along the rolling direction as compared to that along the
transverse direction (r_. =1) (Fig.23). This lack of symmetry requires the representation of the forming
limit curves in the material axes, defined by the rolling and transverse directions.

It is interesting to note that there exist regions where the principal stress axes are rotated by /2
with respect to those of the principal deformations. The largest principal stress direction coincides with
the direction of the least principal deformation. This region lies between the linear paths corresponding to
p and a equal to unity.

The success of a stamping operation depends on the orientation of the flange with respect to the
loading axes, i.e., with respect to the tool positions. The choice of this orientation is generally based on
the stampers experience and on preliminary tests. A theoretical explanation may be given to this phenomenon
by the superposition of the forming limit half-curves of an anisotropic material : from the uniaxial tension
along the rolling direction to the expansion and from the uniaxial tension along the transverse direction to
the expansion (Fig.24).
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Fig.23 - Forming Limit Diagrams
L : linear paths
TE (p = 1) : tension-expansion for p = 1
TE (@ = 1) : tension-expansion for a = 1
L (¥ = 0) : linear paths ; defect normal to one the principal stress directions.

Fig.24 - Importance of the flange orientation in a stamping operation.

For a given strain path, one can verify that certain zones can only be attained for a favorable
orientation of the flange. It can be seen that for the tension expansion sequence, the deformation zone (d)
can only be reached if the tensile predeformation is performed along the rolling direction. On the other
hand, the region (b) can be attained in this sequence by either one of the flange orientations considered.

IV. Conclusions.

Forming 1limit diagrams in complex deformation paths are determined using the M-K theory. The
theoretical analysis developed in this work can predict the plastic behaviour of sheet metal under complex
strain paths. In this analysis

. the strain path is shown to be the most important industrial parameter controlling plastic
instability in multiple stage forming operations. In particular, it is shown, with the help of
different combinations of two stage linear strain paths, how premature instability can occur because
of the strain path imposed to the material. Maximum limit strains are obtained for the case of
uniaxial prestrain followed by equibiaxial stretching. The lowest FLD under complex strain path is
obtained when the second stage of deformation consists of plane strain, and it is therefore possible
to predict three different regions in the principal strain space. The first region is upper bounded
by the minimum FLD and the strains inside this region can always be achieved without instability for
any strain path combination. The second region lies between the maximum and minimum FLD, and the
strains inside this region can only be achieved if a correct strain path is imposed to the material.
Finally, the third region is lower bounded by the maximum FLD, which represents the ultimate limit
strains and the strains inside this region can never be achieved with the two stage linear strain
path combination considered.

the influence of the rheological parameters on the limit strains under complex strain paths is
studied and it is shown the importance of the strain rate sensitivity on the shape of the forming
limit curves.
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. the model can be extended to actual complex strain paths of industrial stampings, either by dividing
the real strain path in several linear strain increments or by a correct fit of an analytical
function in order to predict the severity of the forming operation.

. the influence of the strain path on the formability of the material, and the general form of the
complex FLDs is explained in terms of the strain rate of the necking region, and the concept of
metastable plastic states is introduced.

. the direction of the strain increment at the last stages of deformation is shown to be an important
parameter controlling plastic instability.

the evolution of the strain hardening exponent during deformation is simulated and it is shown that
complete objective comparisons with experimental results need accurate constitutive equations.

. volume damage was modelized and It was shown than small cavities lead to better formability.
. for anisotropic materials, the theoretical analysis 1look into account three anisotropic
coefficients. It was shown that the value of the coefficient at 45° of the rolling direction has a

greater influence on formability.

A successful correlation is obtained between the form of the experimental FLDs and the computed strain
limits in this analysis.
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APPENDIX A

PLASTIC INSTABILITY CALCULATION FOR AN ANISOTROPIC MATERTIAL

The model of MARCINIAK and KUCZINSKI (6-8) reconsidered and improved by HUTCHINSON and NEALE (9) and
recently by BARATA DA ROCHA and JALINIER (31) is based on the existence of a defect in the material. In this
defect, represented by a local sub-thickness of the sheet (Fig.A.1) , plastic flow is localized upon
reaching a certain amount of strain in the homogeneous portion under a plane state of uniform stresses (o, ,
O, on figure A.1). The plastic instability equations are developped in this study are based on the same
principle, i.e., the search for the moment when all the deformation concentrates in zone "b'" at the expense
of zone "a". Two main differences lead however to a system of equations different from those obtained
before: the first is the introduction of anisotropy described by three coefficients r., r, and r equal
to the ratio de_/de, in a tensile test with the tensile axis at 0°, 45° and 90° respective?y with respect

to the rolling direction ; the second is the incremental expression of all the equations in order to
simulate non linear strain paths.

'/i,

)=

j!J

Fig. A.1 - Geometric configuration for the two zone plastic instability model.

A-1. Geometry of the model :

A plane state of stresses is applied to the homogeneous region {zone a).
represent the principal loading axes and are superposed to the directi
reference axes. The defect is

The directions 1 , 2

ons X,Y of the principal anisotropy
inclined with an angle V¥ with respect to direction 2. It is characterized by:

b, a
Fo=e/e : (A.1)
whose usual value is obtainable as a function of the initial defect :
_b,a b, a b a b
g—e /e -(eo /eO )(exp(a3 )/exp(e3 ))=Foexp(s3 —esa)

Differenciation of the preceding equation gives : dF1 = Fl (d£3b - deaa) (A.2)

a b .
vhere de and de are respectively the deformation increments in the thickness direction for the zones a

and b of the model.
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The rotation d ¥ of the band between time t and t+dt is given by :
te(y)=1,/1,

a a
tg(*+dw0-tg(?)(l+del )/(1+de2 )
(A.3)
dsla and deza are the principal strain increments of the homogeneous region in the sheet plane.

A-2. Equilibrium equations :

In the n,t,z reference axes defined in figure A.1, the components of the stress tensor are

written as onn’ ott’cnt' The equilibrium condition leads to the following equations :
o %e =0 - eb (A.4)
nn a nn
a a b b
- A.5
o © O © ( )

where the superscripts a or b indicate that the variable is of the homogeneous zone a or of the defect b.
Combining with equation Al, one finds:

a b b, a
%nn /cnn =e/e = F1

Using a behavior law of the type :
- N:=M
oe_K(a+Eo) E

one obtains:

The behavior law used is intended to represent the material for all strain paths. This limiting
hypothesis 1is generally not verified experimentally. Nonetheless,it has the advantage of Sémpl%fylng
calculations. In ecuat%on A.6, the main difficulty lies in the expression of o /o and o /0 as a
function of d€” and dE°.

A-3. Calculation of onna/oea and the strain increments in the zone a :
After writing o a in the reference axes 1,2,3, it is possible to calculate o from the anisotropic

plastic flow criterion’ of HILL expressed in terms of plane stresses and identified through a tensile test
along the x-direction :

I¢] 2. o 2 + (F+ 1) o e 2Ho. o+ 2P ¢ 4
e XX vy XX ¥y Xy
s A a, a _
we find : Sn /oe = Al/A2
3 4
e Al=(cos%r+asin%r)
A2=(1+(F+X-i)c12—2HoL)l/2
The stress-strain relations give the strain increment values in zone a.
de,? = Adde®
o
a —a
daz = A5de
de,® = Aede®
1
PR, A ] =
with o = 02/0l and p = Ep/él (A.7)

Ad=-(1-H+Fa)/A2

AS=((F+H)x-H)/A2

A6=(1-Ha)/A2
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A-4,. Calculation of ¢ b/o b S
nn e
0as | b
n order for the stress-strain relations to be uniquely used in the principal anisotropy axes, Son
and o will always be expressed in this system :
b b 2 b . 2 b 3
o] =G
- Lo cos Y+°yy sln\r+20xy cos*s1n *
b b.2 b,2 b b b,2,1/2
o =({oc +(F+H -
e (( - )+ (F+ )(oyy ) 2Ho, Sy +2P(cxy )5)
- R b b b . q
Since supplementary unknowns are introduced (o 0 o] s, O D one requires other equations ; the
79 q : o q . XX Yy Xy
equilibrium equations A.4 and A.5 give :
b a a b
o] =
nt (Gnt /on )onn

Transferring these terms in the principal anisotropy system, one gets

a
ont /on

ta=xo=(a-1)cosYsin7¢A1

and considering

b b
x=o0_ /o
yy | Txx
b
y = Oxy /Oxx

one obtains

b

(x—l)cosrsin*wy(cos% —sin% )=K0(cos%r+xsin§;+2yc0575iny)

A compatibility equation can reflect the identity between the strain along the direction t for the
homogeneous zone to that for the defect.

a b (A.B)
Cere = dorey

Expressing the latter in the principal anisotropy system, one obtains
a , b b b . 2 2 2 2
A3de"=de (o "/o_")}({siny-Hcos'y )+x((F+H)cosy -Hsin’y )-2Pycosysi
xx '%e Y Y Y y )-2Fycosys ﬁy)
with

A3=(1—Ha)sin%r/A2+((F+H)u—H)cos§-/A2

Hence, four equations are available to calculate cxxb/ceb as a function of dga/dgb

1) Expression for oeb B

b b 2 2,1
Of =0,y (1+(F+H)x“~2Hx+2Py") /2

e (4.9)
. b
2) Expression for o 5
nn
7 b_o b ( s2 . > ;
n Cxx (€O \r+xs1n + ycos‘—s:m‘f) (A.10)
3) Equilibrium equation :
. 2 .2 2 .2 :
(x-l)cosYSlnY+y(C°S y-sin y)=KO(cos y+xsin'y+2ycosysiny) (A.11)

4) Compatibility equation :

A3(d§a/dEb)=(oxxb/ceb)((sin2\¥ —Hcos%f)+x((F+H)c0527-Hsin§ )-2Pycos*sin*) (A.12)
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Equation A.10 gives :
y = Klx + K2

with : K1=-cosntsin\r/(cos%r —asinzf)
K2=—-gK1

clga/dgb being consigereg as a parameter, equations A.9, A.1l and A.12 form a system of 3 equations with 3
unknowns X, y, O /ce . This system can theoretically be resolved ; the values of x and y would lead to an

expression of o /o b as a function of déa/d€b using equations A.9 and A.10. TIn reality, the system is not
resolved in thi$ mariner since x is the solution of a second degree equation which cannot be determined
uniquely. Another method consists of writing two second degree equations with x as a variable :

2 (A.13)
pyx + Pyx + 1=0
2 (A.14)
qlx + q2x +1 =20
Since equation A.11 is a linear equation in x and vy, equation A.12 is obtained by a combination of
expressions A.9 and A.10 ; the coefficients p1 and p2 are parametrized through cnn /oe . Equation A.14

comes from A.8 and A.11 and the coefficients 9 and q, are parametrized through dEa/dEb since this is the

b
same mechanical problem, the value of x (oyy /oxx ) is always unique. Equations A.13 and A.14 are equivalent

and the following condition must be satisfied : pl = ql

(the relation p, = q, must also bg va%ide and this is numerica%}y verified in the simulations). With this
cas . —a, | ] "
condition one cah then express onn /ce as a function of d€“/d€ . Practically, one obtains

2 i} -
p,=(A3%B6(dz?/az®)2-87%) / (a3%B8(dE?/dz?) 2-Be?)
with :
2
BE=F+H+2PK1

B7=(F+H)cos%Y—Hsin%f—ZPchosjsin?/

B8=1+2aPK12

B9=sin2\r —Hcos%r +2aPKlcos ‘rsin f

b b

a,=(B6(0__ /ceb)2—34)/(B8(cnn /oeb)Z—BS)
with :

B4=(sin%r+2chosysinr)2

B5=(cos%¥—2achosTsinf)2

b 2

The equality of 1 and 9, gives the expression for (onn /oeb)

-b,2

(o b/ceb)2=(Bl(dEa/de )“+B2)/B3

nn
with :
Bl=A32(B4B8—BSBG)

BZ=85B72—B4892

B3=88B72—BGBQ2

b -

A-5. Calculation of de3

The value of de b/da_b can be obtainedbfrom H?e stress-strain relations. ¥yes% are expressed in the
principal anisotropy axes using cxx g cyy 0 oxy . By a change of axes, de:3 /de” can be written as a
q b S st . .
function of onn y ottb' ontb' The equilibrium equations can eliminate an unknown and give a relation between
b . . : :
St and Son A relation between ottb and onnb can be obtained from the compatibility equation.

Finally, it is possible to express denb/dgb as a function of onnb/oeb and dga/dgb.

de,*/0E =~ (6 (0 /0 °) 7 (a%/a)) (A.16)



with : H7=(( 1—H)sin2sf +Fcos§ JA3/H5
2 . . 2 J 2 2
H6=(1-H) (cos* -2KOcos ‘fslnf)+F(51n 7 +2K000sr51ny)—(G51n 7+Fcosy, YJH4/H5
. 2 2 :
H5=Hlsm\14 +H2cos T -H3cos \'sln \f
2 . .2 . . 2 .2
HA=H1({cos T—ZKOcosT51n*)+H2(51n‘*+2K0cosjslnf)+H3(cosr51n?+K0(cos7:—51nr ))
H3=—2Pcos1sin7
H2=(F+H)cos%r—Hsin2r
Hl=sin2\r —Hcosz‘f

A-6. Simulation procedure

The equations A.G, A.2, A.16, A.7 can be written as functions of different coefficients introduced in
this analysis

(A.6)
AL/A2 = B ((E+2”)/(Egee® )" (az®/az®)" (B1(aE?/de”)24B2) /B3) /2 ’

(A.2)
dF:F(desb—ds3a)

K (A.16)

desb - -( He (B1(a2%/a2®)%B2)/83) 2 4 w7(ae®/ae®) ) a®

A7
d53a=A4dEa Lot

All the coefficients Bl, B2, B3, Al, A2, A3, A4, zIaXG, H7,. can be determined at all instants. The usual
values for the defect Fl and the accumulated strains €  and € are obtained by summing the corresponding
increments.

The numerical resolution of the system is done step by step by imposing an incremental strain dgb in
the defect. At each instant, all the coefficients of the system can be determined since they are only
dependent on the model geometry (¥) and of the loading path («), the latter being also imposed. Tge
numerical resolution of equation A.6 by the Runge-Kutta method of the order 4 gives the value of d?-:a/dE .
The simulation 1is stopped when dEa/dE reaches a critical value which corresponds to negligeable

deformations in the homogencous zone (dEa/dE less than 0.1) . The forming limit is then attained.

APPENDIX B

STATISTIC DEFECT CALCULATION

B-1. Defect for one class of cavities :

A material is supposed to contain one class of equiaxed cavities modelized by a parallelopiped of
dimensions Dl’ D2, D:3 (Fig. B.1) (47).

Figure B.1 is a section of the sheet thickness. FEach cavity can occupy any position in one of the v
slices of the material.

= t/D
v / 3
The length of each slice is imposed by the cavity volume fraction of the material.
Cv = Dl/L
If one supposes that the cavity occupies discrete posiltions and separated by the distance dh, then the
probability that the slice of width dh will intercept one cavity in a given slice is:

p = (Dl/dh)(L/dh) =C,

The local defect D , corresponding to the alignment of x cavities along a line through point P and
normal %o the sheet planep, is expressed as an elementary surface of width dh and defined by:

D =1-F =xD_/t=x/v
p P 3 /

The values of D =0 or F = 1 correspond to the case where there are no defects. The probability that a
defect D existé3 is given %y the binomial law (58)

pix caviﬁes):(;)cvx(l—cv)v_x (B.1)
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{nowing this probability, it is then possible to represent a plane of the sheet (Fig. B.2). The unshaded
squares correspond to points without defects. The shaded squares represent points for which a line normal to
the sheet plane and passing through them intercepts one or several cavities. The defect which leads to
striction will start at sections containing the maximum number of local defects. In order for the mechanical
plastic instability model to apply, it will be assumed that the defect is quasi-linear (Fig. B.2). Also, in
order for the band to be continuous, this must pass through zones without defects.

Various representations identical to that of figure B.2 have been simulated by varying tHe probability
p of the existence of a point defect at the point P of the sheet. The non-zero probability p of finding a
local defect in the quasi-linear band was calculated as a function of p:

h 2
po= -4 +4p it 0 <(p<o0.5

if  0.5¢p< 1

The 1iq$ar defect F, can be defined as the sum of the average of the loca% defects affected by the
probability p  and of 1 (points without defects) affected by the probability 1 - p

N
L p(x=k){1-k/v)
Fl= ( e )p"e1(1p™) (B.2)
L p(x=k)

One can write :

¥ 9 v B.3
T p(x:k): l—p(x:O) =] 1—(1—cv) ( J
'
the term :
v
F p{x=k)(1-k/v)=A
can be divided as a sum of two terms :
¥ v
A=A_-A_ = L p(x=k) - 1/v(E k p(x=k))
172 1 1
The term Al is known (equation B.3). A2 can be expressed as
v -1, Y ¢ -
A, = 1/v(E k p(x=k)) =1/v(1-c)VTc_ (z (V)k( —L jk-1
2 ! v v 'y 'k 1-C
By adopting the change of variables : v
u = Cv/(l—Cv) u+1ls= l(l—Cv)
one obtains :
A2 = g(Cv) h{u)
where g and h are two functions which can be written in the form :
g(c ) =1/v(1-c )”t ¢
v v v
vy
h(u)= I () k ot
'
Integration leads to :
LI
_ k
h(u)= ? (Ju .
which represents the development of (l+u) - 1, from which :
hiu)=(1+u)¥-1
Differentiation leads to:
A2=Cv
-, - =1= — ‘)_
A-A1 A2 1-(1 Cv) Cv
and finally the value for the defect is
v h h
(- ———— 1—
F=(1 Jp + 1-p (B.4)

v
1—(1-Cv)
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B-2. Defect for two classes of cavities :

The analysis consists of two simultaneous calculations, one for each class of cavities. The material
contains cavities of type A with concentration C and cavities of type B with concentration C such that
cC =2¢C + C . For the analysis, it is necessary to separate the two types of cavities. In this case, one
cén considerv%wo sheets A and B, having thicknesses tA and tB respectively, divided respectively into v, and
Vb slices respectively.

It is then possible to perform two identical calculations using the procedure acdopted for one class of
cavities. Hence,

C
h
F=(1- = ]ph+(1—p )
1-(1-C_)%*Ve (B.5)
v
dh D, =
_ P = =
0 = =
- N —
S
¥y t
L = =
Fig.B.1l - ldodelization of the sheet thickness

Fig.B.2 ~ 3chematic description of the sheet plane : shaded elementary surfaces represent local points
with one or more cavities under these points.

APPENDIX C

STATISTICAL DEFECT EVOLUTION DUE TO CAVITY GROWTH DURING DEFORMATION

C-1. Cavity growth :

For an isotropic material, damage growth is taken into account through the growth model of RICE and
TRACEY (59). The evolution of an initially spherical cavity obeys the following law :

R/R; = c‘ei+s€ (c.1)

R, represents the gmwth rate of the radius in the direction i

c is a term representing the cavity form evolution without volume change
Se” is a term representing the volume change without cavity form variation
©

is a factor which varies from 1.5 to 2 for the case of weak stress triaxiality which exists in thin
heets. The authors recommend the value C = 5/3.

In the case of a non-hardening material, D can have the form :

1/2

D = 0.558 sh((3/4)"" 0 /7 ) + 0.008 y ch((3/4)1/20m/-r0)

where on is the mean hydrostatic pressure applied to the material,

T is the shear flow stress. For a material obeying VON-MISES criterion, this stress is given by :
1/2

1°=oe/3

Y=-38 /(€ - )

I "IIT
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where €12 Err 7 Eryy

JALINIER (42) linearized these equations to facilitate their use.
In this study, we consider any strain path characterized by :
p = dsz/da1

If one assumes that the strain path always lies in the region between uniaxial tension and equibiaxial
expansion ( -0.5 < p < 1), then y can have the form ;

Y = -3p/(2 + p)

For a plane stress state, the ratio o between the minimal and maximal principal stresses is expressed
as a function of p.

a=02/cl=(2p+l)/(p+2)

Under these conditions, the ratio cm/'rO becomes

2,1/2

o /Tt =(p+1)/(1+p+p") /

m’ o

The accumulated strain for an isotropic material is written :
da2=(2/3 de, de, )2
1 1)
By introducing the volume conservation during plastic deformation, one obtains:

dE:-d53(4/3)1/2(l+p+92)1/2/(1+p)

It is therefore possible to express the factor S of the cavity growth law in the form:

$=0,558 sh(des/dE)—(0.02dp/(2+p)) ch(de3/dE)

In figure C.1, the values of S can be written as a function of de /dE for values of p between -0.5
k ' X . 3
and 1. A good linear approximation can be obtained, thus

S=—Kd£3/dE with K = 0.64

Equation C.1 which expresses cavity growth in the direction i, can take another form:

dRi/Ri=Cd£i—Kd€3 (c.2)

This equation can be integrated easily. This expression is simple anc¢ hence easily used. Ve assume that it
applies to hardening materials. This hypothesis seems to be valid for the case of thin sheets where stress
triaxiality is weak (31).

C-2. Evolution of the statistical defect :

The statistical defect depends on two damage parameters: C  and v . One must therefore know the
evolution of these parameters during plastic deformation. The ratio of the volume fractions of initially
spherical cavities, after and before deformation is

_ 2
CV = R1R2R3/Ro

Differentiation gives
dC_/C =dR, /R, +dR,/R,+dR,/R,

Using the equation C.2 for cavity growth in the direction i, one gets

dCV/CV=—3Kd£3

The evolution of the cavity volume fraction is obtained by integration.
Cv=Cvoexp(-3K53)

This analysis predicts that the cavity volume fraction is uniquely dependent on ¢

which is in good
agreement with experimental measurements of relative density changes (60).

3

Furthermore, in the plane of the principal strains e. , €, , the cavity iso-volume-fraction curves are
thickness iso-strain straight lines parallel to the lines éefined by:

81+52=cte=—53
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One notes that another theoretical study (40) using plastic laws for porous materials, the iso-
volume~fraction curves are also uniquely dependent on €y

The parameter v is equal to :

t.exp(e,)
\)=t/2R3 = _O___E__
2Roexp(C£3—K53)
with the following numerical values : C = 5/3 and K = 0.64 ; one can consider v to be quasi-independent of
&3
v=v0=to/2RO

Figure C.2 shows the defect evolution as a function of plastic deformation with the cavity volume
fraction taken into account. Several cases, with either the cavity size (R.) or the volume fraction (C ) as
parameters, are represented. It seems that for a given volume fraction, “the initial defect is cssen%lally
constant but its growth is faster as its size is greater. On the other hand, for a given cavity size, the
initial defect becomes larger as the initial cavity concentration increases.

s
| 0.8
| 0.6
.
B.4
- .
| 0.2
_d€3
dE
8.2 0.4 Q.6 B.8 8.2 2.4 @.6 9.8 €3

Fig.C.l - Values for the spherical factor in the cavity growth law as a function of the ratio
des/dE. A good linear approximation can be obtained.

Fig.C.2 - Evolution of the statistical defect due to cavity growth during deformation.
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THE ROLE OF MICROSTRUCTURE IN THE
MODELLING OF PLASTIC FLOW IN P/M SUPERALLOYS
AT FORGING TEMPERATURES AND STRAIN RATE
by
J-P. IMMARIGEON
Structures and Materials Laboratory
National Aeronautical Establishment
NRCC, Ottawa, Ontario, Canada, KIA OR6

SUMMARY

Interest has grown lately in the application of computer-aided plasticity analysis to model the deformation
of alloys during forging with a view to optimizing the microstructure in forged components. In P/M superalloy disc
forgings, the final grain size and therefore the mechanical properties are either directly or indirectly affected by
several factors which make up the forging deformation history, such as preform and die shapes, preform
microstructure, forging temperature and strain rate. By controlling these factors different regions of a disc can be
made to experience different deformation histories. In this way, different grain sizes can be produced in the rim and
the bore regions which may lead to improved disc performance.

Relying on finite element modelling techniques and a methodology for predicting local changes in grain size
as a function of local deformation history, it should be possible to predict the final grain sizes in the rim and the bore
regions of a disc via process modelling and therefore determine the processing conditions under which an optimum
microstructure is produced. To this end, extensive work has been done at NAE to study the effects of
thermomechanical history on the evolution of microstructure in P/M superalloys under isothermal forging conditions
and to formulate physically realistic constitutive relations for plastic flow that are capable of quantifying the effects
of the mierostructural evolution, thereby allowing the prediction of final microstructure in forgings.

Using constant true strain rate uniaxial compression tests, microstructure-flow property data have been
generated at isothermal forging temperatures and strain rates for a number of compacts, including P/M IN100, P/M
MAR M200 and P/M 713LL.C. These data will be analyzed and discussed in the context of deformation modelling for
microstructural control. It will be shown that the rate of change of grain size is an important parameter which
governs changes in flow strength and must therefore be considered in the formulation of constitutive relations for
compacts both in a coarse grained and in a fine grained superplastic condition. A deformation model for grain size and
rate sensitive P/M superalloys will be introduced and a methodology that can be applied to predict grain size
distributions in forgings will be presented.

INTRODUCTION

There has been growing interest in the application of finite element techniques to model bulk forming
processes for predicting forming stresses and flow patterns in formed components 1). The benefits offered by process
modelling include a substantial reduction in conventional process development costs %enerally incurred by experi-
menting with expensive die material, equipment and preforms. Several workers(i' have attempted to model
isothermal forging, a process which is becoming increasingly imgwortant in the aerospace industry for forming high
strength nickel and titanium alloys for use in gas turbine engines( . One potential application involves the selection
of forging conditions to optimize metal flow and microstructure in compressor and turbine disc forgings for improving
disc performance beyond current limits 9,10

During service turbine discs, are exposed to severe radial stress and temperature gradients. The stresses
are highest near the bore while the temperature is highest at the rim. Consequently, property requirements differ
from bore to rim. For optimum performance, the rim and bore microstructures must be tailored to local design
requirements. This means coarse grains in the rim for creep strength and fine grains in the bore for tensile strength
and fatigue resistance, Figure 1. A disc with these features is commonly known as a dual property disc.

Strong interest has recently emerged in technology developments for thedproduction of such components(g'
1D, For superalloy discs, several fabrication techniques have been explored(l ) including the use of selective
thermomechanical treatmen%s, an approach which relies on control of the deformation history introduced locally in the
disc during its forgingt12,13). 1t will be recognized that different parts of a complex forging will nermally undergo
varying amounts and rates of deformation during forging. Since the grain size in wrought superalloys is strongly
influenced by deformation conditions one can therefore expect some variation in grain size throughout a disc forging.
On that basis it was suggested(l4v15) that it might be possible to optimize the forging preform and die shapes, the
preform microstructure and the forging conditions such that adequate amounts and rates of deformation are
introduced locally in the rim and the bore regions of the disc to produce the dual property microstructure. This
approach has since been demonstrated by Carlson{12) who showed that with proper die design and a hot isostatically
pressed preform of the type shown in Figure 2, it was possible to selectively hot work the bore region of the preform
and improve its tensile properties while leaving the rim area unreduced thereby maintaining as HIP creep properties in
that region . In this work, fine tuning of the die geometry was found to be crucial in avoiding cracking. No details
were given, however, concerning the microstructural changes responsible for the improvements in tensile properties of
the bore or concerning the extent by which microstructure could be controlled by forging. With conventional process
developments, these are issues that would be addressed normally by experimenting with processing conditions. An
alternative approach might be to rely on computers for process simulation. This would require a suitable
computational procedure and a reliable constitutive relation for describing flow and microstructural changes during
forging.

Several computational procedures have been developed to predict forming stresses and flow patterns in
metalworking operations. Simulation can provide an estimate of local strains, in a given forging and these can be
correlated in turn with properties of the forging based on property versus deformation data. The more complex and
more powerful of these procedures, that rely on the finite element method(4-7), can provide a very accurate
description of material flow within a forging if a reliable constitutive relation for flow and suitable material data are
available. This is one of the major difficulties and limitations, in any of these analyses. In general, material flow data
is not available for alloys of interest and much that is published is often incomplete for modelling purposes. The data
are often_given in terms of flow stress versus strain rate at various temperatures, usually in the form of a power law
equation{3-3).  This may be quite inadequate since the flow stresses of complex industrial alloys may show a
considerable sensitivity to microstructure and the microstructure may change substantially during forging. In
superalloys, for instance, this can reduce resistance to flow markedly. For successful modelling, this occurence (or the
occurence of flow hardening where applicable) should be taken into consideration. While some of the constitutive
relations used in recent isothermal forging analyses do allow for the occurance of flow softening 7,16) none directly
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consider the microstructural evolution as a dynamic variable of the forging process. Furthermore, most remain of a
highly empirical nature(17). In general, flow strength is related to the forging temperature, the strain rate and the
strain which is in keeping with a practice common in the mechanical deformation literature(18). This may not be
suitable however at hot working temperatures when changes in microstructure are strain rate rather than strain
dependent at constant temperature as appears to be the case for metals and alloys in general(19).

An analyses that could accurately predict as forged grain sizes directly would be most useful in the context
of dual property disc production. This would require that the constitutive relation allows changes in microstructure to
be predicted as a function of deformation history. Another requirement would be that the well established finite
element techniques for bulk forming analyses are modified accordingly. How this might be done has already been
suggested 15) and methodologies for modelling flow at constant temperature, both in fine grained and coarse grained
P/M superalloys, have been developed that allow designers to incorporate the effects of structure in the analysis, and
to predict grain sizes in isothermally forged parts(l »20), 1t is the purpose of this paper to review this work and
expand on the subject.

Extensive work has been done at NAE to study the behaviour of superalloy powder compacts under
isothermal forging conditions(13,15,21-24), several powder processed versions of normally cast alloys including P/M
IN100, P/M Mar M200 and P/M 713LC have been studied. Using P/M 713L.C as a model material, a good
phenomenoclogical understanding of the hot working behaviour of this class of alloys has now been developed(15’20,25).
The extent by which grain size can be controlled during forging has also been demonstrated and the potential offered
for control of the microstructure in superalloy disc forgings has been discussed 13), In this paper these results are
reviewed and the role of microstructure in the modelling of deformation in P/M superalloys is also discussed. A
physically realistic constitutive relation, that can be used with the finite element method to predict the evolution of
flow strength and microstructure in forgings of these materials is then introduced. To put the proposed methodology
into perspective, the metallurgical characteristics of P/M superalloys are first briefly discussed and their processing
into discs is also outlined.

2.0 METALLURGY OF P/M SUPERALLOYS

Powder processed superalloys have been developed for use in gas turbine engines for highly stressed hot
section components such as compressor or turbine discs. In general, the chemistry of powder processed alloys is
derived from that of high strength normally cast alloys and therefore their overall metallurgy is similar to that of cast
alloys. However, they have some unique characteristics which can be related either directly or indirectly to the higher
cooling rates experienced by powders during atomization as compared to castings. As a result of the high cooling
rates, microsegregation is reduced and grain size is finer and this confers to compacts superior mechanical properties
for disc applications.

Whether in the cast, wrought or powder processed forms, nickel-base superalloys are metallurgically
complex materials. They derive their high strength primarily from the precipitation of an intermetallic ordered phase,
the Y' phase which forms in the grain interiors, and from the precipitation of this phase and carbides along the grain
boundaries. While Y' inhibits slip in the grain interiors, the carbides inhibit grain boundary sliding at high service
temperatures. Additional strengthening of the Y austenitic matrix phase is derived from substitutional solutes. The
mechanical properties of these alloys are strongly dependent on microstructure and this is in turn strongly affected by
processing conditions. Heat treatments are carefully adjusted to achieve an adequate balance between intragranular
strength and grain boundary strength. This is controlled by the volume fractions, the sizes, the shapes, and the
morphologies of the Y' and carbides. Grain size is another important microstructural parameter which affects creep
rupture properties and fatigue resistance, Figure 3(26), Increasing the grain size generally improves creep resistance
(high temperature strength, Figure 3). This is because the grain boundary surface area available for sliding is reduced
and diffusional flow is suppressed. By contrast, decreasing the grain size generally improves tensile and low cycle
fatigue resistance for optimum service performance at intermediate temperatures (low to intermediate temperatures,
Figure 3).

The powder processed alloys are highly susceptible to contamination during processing. This is because of
the fine powder size and the high surface to volume ratio of the material before compaction. Brittle foreign inclusions
can be easily introduced during fabrication. Also powder surface boundaries can act as sites for the segregation of
impurities and trace elements and for the nucleation of carbjdes. This may result in embrittlement of these
boundaries and loss of toughness, ductility and fatigue resistance(21,27,28), Reasons for the preferential precipitation
of carbides along prior particle boundaries (PPB's) are not entirely clear. There is strong evidence that it occurs
primarily as a result of solute segregation and particle surface contamination by oxygen 27-29), The severity of
precipitation appears very sensitive to a number of variables such as powder production technique, mesh size, powder
handling, canning procedures and consolidation conditions. _It can be minimized in a number of ways which are
discussed at length in a recent critical review of the problem(30 8

Typical microstructures for a powder processed alloy (hot isostatically pressed 713L.C) are shown in Figure
4 for compacts in either the as-consolidated condition or after heat treatment, as indicated. In the heat-treated
condition, Figure 4a, the intermetallic phase is present as small cuboidal particles (< 0.5pum) and as fine spheroids
which can only be resolved within the matrix through electron optics techniques. The grain boundaries contain
discrete carbide particles and these are enveloped in a thin continuous film of Y'. By contrast, in the as-hipped
condition the Y'is in a coarse overaged condition mostly in the form of large angular particles (~ 2 to 5pym) located
along the grain boundaries and also within the grains. A finer spheroidal Y' (< 0.5um) is also present within some of
the larger grains. A problem with fine grained compacts is that often grain boundaries cannot be easily revealed by
etching. However, a suitable grain boundary etch can normally be found (c.f. Figure 13a for the same alloy), and the
Y grain size was found to vary from 8 to 12 ym. This fine grain size confers some degree of superplasticity to an
otherwise unworkable alloy.

The fine grained superplastic condition in superalloy compacts is obtained by eithzar extruding or hot
isostatic pressing prealloyed powders at temperatures below the Y' solvus temperature of the alloy 8). The presence of
the Y' during compaction stabilizes the fine grains produced during extrusion or prevents coarsening of the fine as-
atomized grains in compacts prepared by hot isostatic pressing. The condition of low strength and high ductility
obtained in this way allows stronger normally cast alloys to be forged and this allows the production of discs capable of
higher service temperatures and or higher rotational speeds than is normally pnssible with conventional wrought alloys.

2.1 POWDER PROCESSING OF TURBINE DISCS

There are several ways to pro?uce a disc from powders(a). With the first major process developed at Pratt
and Whitney (USA), known as Gatorizing 31), the powder is first consolidated by hot extrusion and the superplastic
compact is processed into disc shapes by slow strain rate isothermal forging. In this type of forging, the tooling is
heated and kept at the forging temperature. Because of the absence of die chilling of the workpiece, slower forging
rates can be used to take full advantage of the higher superplasticity exhibited by fine grained superplastic compacts
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at slower forming rates(32), Alternatively, the powder may be consolidated directly into near net shapes by hot
isostatic pressing (HIP). With this process, the powder is encapulated into an evacuated and sealed container in the
shape of the disc. The container is then exposed simultaneously to high gaseous pressures and high temperatures
(Hipping)(33). Still, with another process, the powder is consolidated by HIP and the compact is processed into disc
shapes by conventional or slow strain rate isothermal forging.

Finer grain sizes and therefore higher degrees of superplasticity can be achieved by extrusion. This is
shown in Figure 5 which compares the flow properties of several earl; g)owder processed compacts of IN100 produced
by extrusion(34,35), hot isostatic pressing and hot closed die forging(36). The flow strength of extruded IN100 can be
more than one order of magnitude lower than that of hot isostatically pressed IN100 under the same testing conditions.
This advantage may be lost when the extrusion temperature is the same as the HIP temperature, as indicated by
Moskovitz et al's data(34), In spite of the highest of all extrusion ratio used in this case, the flow resistance of the
extrudate is not much different than that of the compacts prepared by hot isastatic pressing (present work). The data
in Figure 5 alsg demonstrate that minimal reductions in flow resistance are achieved by cold working the powder prior
to compaction 36) as compared to the gains that can be derived from low temperature extrusion.

Compared to extrusion, however, more complex shapes can be produced by HIP. This can provide the
needed flexibility in producing the complex preform shapes which may be required to optimize microstructures in
forgings by selective forging. As complex a shape as might be needed can be produced simply by HIP by encapsulating
the powder in a container with the required shape.

Once the disc has been forged, the fine grain superplastic condition can be eliminated by solution
treatment to induce grain growth and thus recover the desired coarse grain size for high temperature strength in
service. Solution treatments well above the solvus temperatures of precipitating phases (Y', carbides) are used when
coarse grains and optimum creep-rupture properties are required. Alternatively, solution treatments at or just below
the solvus temperatures of the precipitating phases can be used to obtain a fine grain size for best tensile strength and
LCF resistance.

Superalloy powder processing technologies are by now relatively well established. Powder processed parts
are being used in some of the most advanced aircraft power plants. Meanwhile, interest is growing in the development
of new technologies for improving disc performance beyond current limits. In this regard the use of selective forging
to produce dual property discs in the manner described earlier has been attracting some attention. Detailed studies
were undertaken at NAE to explore the potential of this technique and to develop the materials data required from
modelling purposes and process optimization. Some of the earlier results of this and other relevant work on
interdependence between strength and structure at forging temperatures in P/M superalloys are summarized below.

2.2 FORGING BEHAVIOUR OF P/M SUPERALLOYS

All the powder compacts examined came from earlier NAE studies. All were prepared from commercial
prealloyed J)owders of high strength pormally cast alloys either by hot isostating pressing(22:37’33) or by hot
extrusion(39). One of the compacts(38) was studied in greater depth. Details concerning this particular material and
the results obtained will be discussed in later sections. The results of all studies concurred on one point: grain size
has a strong effect on flow strength in these materials.

In an early study of the effects of consolidation temperature on flow strength in Hipped Mar M200
compacts(zz), it was found that compacts pressed below the Y' solvus exhibited superplastic characteristics with a
much reduced flow strength at forging temperatures compared to compacts pressed above the solvus, Figure 6.
Furthermore, of the two compacts pressed below the Y' solvus, the one pressed at the lowest temperature gave the
lowest flow strength. This was found to be due to differences in grain size from 5 to 10 ¥m in material pressed below
the Y' solvus to 50 to 200 ¥m in material pressed above the Y' solvus, Figure 7. The flow curves for these compacts
obtained by compression testing at 1050°C and 3 x 10-4 5~1 are compared in Figure B. Under these testing conditions,
peak flow strength in the compact with the finest grain size is reduced by a factor of six relative to peak strength in
the coarsest grained material.

All compacts exhibited softening duriné; flow. The degree of softening tended to decrease with a decrease
in strain rate and/or an increase in temperature(2 -24), However, it was far more pronounced in the coarsest grained
compacts under all testing conditions. This softening was attributed to a gradual refinement of the grains and
redistribution of the major phases into a microduplex structure of Y and Y' grains, typified by the microstructures
shown in Figure 9. The transformation is the result of a deformation induced recrystallization which starts at or near
the grain boundaries of the original grains, Figure 9a and b and proceeds by nucleation and growth of new grains at the
interface between transformed and untransformed regions 22), As deformation progresses, the volume fraction of fine
grained material also increases. The growth of new grains in this transformation appears to be limited to a few
microns only, probably because the grains are prevented to grow due to the presence of the Y'. The redistribution of
this phase occurs by mechanisms as yet not entirely understood but probably involving dissolution and reprecipitation
of the Y' through mass transport and accelerated diffusion of Y' forming elements along the grain boundaries and the
core of dislocations introduced during deformation.

The transformed microstructure, Figure 9a and b, is similar in scale and in morphology to the
microstructure of the fine grained compact after testing under the same conditions, Figure 9¢c and d. In both cases, it
is equiaxed microduplex with ¥ and Y' grains of the order of 2 to 5 Um in size. Since, the conditions for superplasticity
in nickel base superalloys is a fine grain size of 10 Um or less(22), the transformed regions, like the fine grained
compacts, are superplastic, and their resistance to deformation is much lower than that of the original untransformed
material. Therefore, as the volume fraction of transformed material increases, the flow strength of the compact also
decreases, as observed experimentally, Figure 8. For the same reason, flow tends to become localized within the fine
grained regions. From the evidence provided (c.f Figures 8 and 9) it appears that quite large strains (>> 1) may be
required before the original coarse grained structure is entirely replaced by the fine grained transformation product.

The development of the "necklace" structure (c.f Figure 9a), as it is often described in the literature,
seems to be characteristic of deformation in coarse grained superalloys at forging temperatures, particularly in high
Y'content alloys. It is also believed to be the main source of softening during flow in these alloys, including powder
processed alloys. Examples of "necklace" structures at different stages of their evolution are shown in Figure 10 for
two compacts (Mar M200 and 713LC). Both compacts were initially coarse grained and both were deformed at
temperatures less than their respective Y' solvuses.

In a recent study undertaken to evaluate the effects of processing conditions on necklace formation in a
7131.C compact\t?/, the extent of the transformation was found to vary with forming rate and temperature as well as
with the amount of straining. It was also found that the transformation did not spread uniformly throughout the
subscale cylindrical forging billet used, being in general more complete near its geometric centre, as shown in Figure
11. By contrast, the regions near the outer rim of the billet appeared less transformed. This was in spite of the large
nominal strain introduced and was probably due to the large strain gradients developed under triaxial flow conditions
as a result of poor lubrication at the tooling/testpiece interfaces. The presence and shape of the large dead metal
zones near the end faces of the pancake, Figure 11, is consistent with this view.
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FIG 10 Necklace microstructures in a) low carbon P/M MAR M200 and b) P/M 713 I_C, deformed under typical isothermal
forging conditions.
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This particular study demonstrated quite clearly that the growth of the necklace structure is strongly
dependent on the amount of strain imparted. In a complex forging, different locations will experience different
amounts of deformation and therefore the transformation will not progress everywhere to the same extent. This might
be applied for producing dual property discs, using coarse grained preform and closed die forging equipment of the kind
shown in Figure 12. With this equipment, and a preform shape as shown, the rim region would be constrained triaxially
while the material in the bore would be forced to flow outwardly under the action of the ram, first radially and then
transversely into suitably shaped recessed cavities. In this way, the original coarse grain size would be preserved in
the rim while the microstructure in the bore would be refined. The procedure is essentially that adopted by Carlson
earlier(12) (c.f Figure 2) except that in the present case, it would be possible to introduce larger strains as may be
required to complete the transformation in the bore region of the disc. In addition the large hydrostatic pressure
which would be generated in the constrained rim region would prevent radial cracking which might otherwise
ocecuri\té/,

The results of all studies reported in this section concurred on two points: grain size has a strong influence
on flow strength in P/M superalloy at forging temperatures and also grain size can change substantially in this class of
alloys during mechanical working. In order to model deformation under such conditions, a clear understanding of the
interdependence between evolving grain size and flow strength is required. A more detailed study of structure-
property relationships in P/M superalloys at forging temperatures was therefore undertaken. The results and
conclusions reached in that study form the basis of the rest of this paper.

3.0 EXPERIMENTAL MODEL MATERIAL

The model material selected was a compact from earlier studies(38) prepared from a -60 mesh argop
atomized powder of 713LC. Details concerning powder chemistry and mesh size distribution are given elsewhere(Z5),
The powder was consolidated in evacuated and sealed mild steel containers by hot isostatic pressing, using a two step
HIP cycle designed to minimize carbide formation at prior particle boundaries(>9). The nominal pressing conditions
were 980°C/4 hrs/105 MPa + 1175°C/2 hrs/105 MPa. The maximum HIP temperature was kept below the ¥' solvus
temperature (~ 1180°C) and therefore the compact retained th? f;ne as-atomized grains of the powder particles. This
was found to confer superplasticity to the compact as expected 25),

The flow behaviour of this material was evaluated in the fine grained superplastic condition as well as in a
grain coarsened condition. This was obtained using material hot isostatically pressed above the Y' solvus (see footnote
below)* as well as by preheating fine-grained material above the Y' solvus prior to testing. This was done in situ, in
the testing apparatus and was followed by cooling directly to the test temperature 13),

The microstructure of the as-hipped material has already been described in conjunction with Figure 4b.
Actual microstructures prior to commencing a test were evaluated by quenching the as-hipped or grain coarsened
material after holding at each test temperature for a period corresponding to the hold time in the apparatus prior to
testing. After holding the fine grained as-hipped material for 30 minutes at 1050°C, for instance, the microduplex
nature of the material was retained, although the overall volume fraction of ¥Y' was reduced. In particular the fine
cooling Y' formed during slow cooling in the hipper was not formed in this case, Figure 13a. The microstructure shown
was typical of that present prior to forging at all test temperatures. However, there were minor differences in each
case with a slightly lower Y' volume fraction at 1150°C compared to that present at 1050 and llOU“C(D), and with the
intragranular Y' being more affected as expected, at a temperature close to the Y' solvus temperature. The grain
boundary Y' size was in the range from 4 to 8 Hm which was one quarter to one half of the Y grain size. The latter was
found to remain stable at all test temperatures. Grain coarsening data, Figure 14 indicated that not until Y' goes into
solution at approximately 1175°C, does the grain size of the as-hipped material grow significantly. This demonstrates
the stabilizing effect of the precipitate phase on grain size at temperatures below 1175°C.

After the grain coarsening treatment (2 hours at 1220°C) the grain size was of the order of 50 Hm
consistent with the data from Figure 14. Upon cooling to the test temperatures, the Y' reformed along grain
boundaries and in the grain interiors in quantities which varied with the test temperature. After holding for 30
minutes at 1050°C the microstructure was as shown in Figure 13b. There was little change in Y' volume fraction or
morphology for larger hold times at any of the test temperatures. However, the Y' volume fraction tended to be
slightly lower at the highest test temperature as one may have expected 13),

4.0 EXPERIMENTAL PROCEDURE
4.1 Testing Apparatus

Several laboratory test methods can be used for the study of metal flow under forming conditions. These
methods and their relative usefulness have already been assessed and compression testing identified as the most
suitable method for the simulation of forging operations(40 . Compared to other test methods, the stress state in
compression is closer to that found in forging. Compression tests are also quite simple to perform and their analysis is
relatively straight forward, providing flow is homogeneous and frictional effects at the tool/specimen interfaces can
be neglected. In addition, the evolution of microstructure within the test piece is more representative of that
observed in forged components. This makes compression testing more appropriate for collecting information
concerning the relationship between flow strength and structure at forging temperatures. This, it will be recalled, is
the main undertaking in this work and therefore compression testing was selected for this study.

The flow behaviour of the model compact was evaluated by means of carefully controlled uniaxial compression
tests using a testing facility developed and built at NAE for this purpose 41), The facility which is shown in Figure 15
consists of a servo-controlled hydraulic testing machine equipped with induction heated compression tooling and
modified for constant true strain rate deformation. A schematic cross section of the tooling and its protective
enclosure is shown in Figure 16. Details concerning the design of the equipment, the means of controlling the
temperature and strain rate and the performance evaluation of the equipment can be found elsewhere(41),

2 Two cans of the same alloy powder with different mesh size ranges were prepared which ended up with different
as-hipped microstructures. The model material used in this investigation had the finest grain size. The other
can exhibited a much coarser grain size, of ~ 40-60 ¥m versus ~ 8-12 ¥m for the model material. This difference
was probaby the result of a temperature gradient in the hipper during pressing. Judging from the volume
fraction of coarse Y' in the model material, it would seem that its actual pressing temperature may have been
somewhat lower than the nominal pressing temperature of 1175°C. Conversely the actual pressing for the other
can must have been very close or perhaps slightly above the Y' solvus (measured experimentally at ~ 1180°C).
Only under such conditions would the grains have been allowed to grow. Alternatively the Y' solvus may have
differed for the two batches of powders, perhaps due to contamination during canning or to differences in mesh
size distributions. However, experimental evidence supports the first interpretation. The availability of a
coarse-grained compact provided an opportunity to evaluate the behaviour of the P/M 713LC in the coarse
grained as well as the fine grained condition.
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The tests were done using small cylindrical specimens with a height to diameter ratio of ~ 1.5 (typically 12 mm
high by 8 mm in diameter) at constant temperatures and strain rates. Temperatures were kept constant to within +
59C and the strain rate to within 2% of selected values. The specimens were preheated for 30 minutes unless
otherwise noted and then deformed between flat silicon nitride dies, under a flowing argon atmosphere. During the
test, the developed load and reduction in height of the test piece were continuously monitored using a load cell and a
high temperature axial displacement transducer designed to follow the relative displacement of the two compression
dies(“l), respectively. The true stress - true strain curves were calculated from the load -height data assuming
constancy of volume and homogeneity of flow within the entire specimen (see Appendix I). For this reason, it was
important to ensure that plastic flow remained as nearly homogeneous as possible during testing. To this end special
considerations were given to loading conditions and specimen geometry as well as to specimen lubrication and
deformation. Frictional effects at the die-specimen interfaces were minimized by using a molten glass lubricant.
Annular grooves were machined in the end faces of the specimens to help maintain proper lubrication throughout the
test. With this technique it was found that breakdown in lubrication occured only at high strains, typically greater
than one. )Also, at that strain, the error in flow strength due to friction was estimated to be less than 4% (see
Appendix I).

4.2 Testing Procedure

It will be generally recognized that flow strength in metals and alloys at forging temperatures is strongly
influenced by strain rate and temperature and by the microstructure of the alloy being formed. In this regard the size
and shape of grains and the morphology of second phase particles can have a strong influence on deformation(19,40,42),
However, how strong or what the underlying mechanisms might be is not well documented for materials of the type
considered here. From the results presented so far, it will be clear that grain size and grain size changes induced by
forging should be taken into consideration for accurate analytical predictions of flow strength in these materials.
Therefore, the effects of grain size need to be separated from those of strain rate and temperature.

To this end, the strain rate as well as the temperature were maintained constant during testing. Constancy
of strain rate was achieved by keeping the velocity of the hydraulic ram proportional to the height of the compression
specimen. This required an exponential decay of velocity with time (See Agfendix I, Eq A~10) and was obtained using
the voltage output from an RC circuit to control the position of the ram(41), The range of strain rates examined in
this work varied from 10-2 to 1 s-1 which covered that used in practice for isothermal forging of P/M superalloys
(typically from 10-3 to 10-1s-1), It is generally agreed that for strain rates less than 10-1 s-1, adiabatic heating of
compression test pieces is minimal{43). "In the present study, adiabatic heating was neglected because of the slow
strain rates used. However, the possibility that part of the effects observed might have been caused by an increase in
test piece temperature was not excluded, particularly for high strain rate tests.

The temperature during testing was carefully monitored using thermocouples embedded into the
compression die retaining collars. Testing was performed at three temperatures, 1050°C, 1100°C and 1150°C. More
data were accumulated at the lowest of these temperatures because well below the solvus, the higher volume fraction
of Y' was expected to slow down the microstructural changes induced by working, thereby making it easier to follow
these changes. At the end of a test, the specimens were quenched to retain the microstructure present during testing
for examination by optical and transmission electron microscopy.

Experiments were designed that allowed the effects of grain size to be separated from those of strain rate
and temperature so that flow stress could be presented in terms of both strain rate and grain size at a given
temperature. Furthermore, the evolution of the microstructure was characterized in terms of deformation conditions
(strain rate and temperature) as well as in terms of current state of microstructure as needed for analytical
predictions. How this was achieved is described in the following section.

5.0 RESULTS

Flow curves measured at 1050°C and different strain rates for fine grained and coarse grained compacts
obtained by Hipping above the Y' solvus are compared in Figure 17. The flow curves have the same overall features,
with the coarse grained material showing higher peak strengths and both compacts exhibiting softening during flow at
all strain rates examined. By contrast, the microstructure of the two compacts evolved in quite different ways during
compression. This is demonstrated in Figure 18 which compares as-worked microstructures for the fine grained
compact (7 Um grain size) and a coarse grained compact obtained by presolutioning the fine grained material in the
apparatus prior to testing to coarsen the grain size (50 Um grain size).

With the fine grained compact, there was a gradual refinement of the microduplex grain size which
occurred homogenecusly and uniformly throughout the test piece (see also Appendix I). By contrast, with the coarse
grained material refinement occurred through the development of a necklace structure i.e. by the nucleation and
growth of new grains, first along the original grain boundaries and subsequently along the interface between
recrystallized and non recrystallized regions, in the manner described earlier, in conjunction with Figure 11. Also in
this case, as was shown in Figure 11, the transformation did not progress to the same extent in every part of the
compression piece. This makes it difficult to establish clear relationships between grain size and flow strength as
needed for analytical purposes. While peak strength for coarse grained compacts may be regarded as characteristic of
the initial coarse grained microstructure, the stress measured beyond this point is dictated by the development of a
complex composite microstructure consisting of heterogeneously distributed regions of soft superplastic material
(regions A in Figure 18) surrounding pockets of hard unrecrystallized material (regions B in Figure 18). For this reason
the flow curve cannot be easily interpreted beyond peak strength. Therefore the testing of coarse grained compacts is
of little value to develop constitutive relations for modelling flow. What it does provide, however, is a clear indication
of the evolution of microstructure as it might be expected to occur in a complex forging. In this regard, important
observations were made concerning the scale of the necklace structure and its growth which suggested how one might
proceed to model the deformation of compacts in the coarse grained condition, beyond peak strength.

With continued straining, there appeared to be little change in the size of the grains within the transformed
regions. In addition the size of new grains appeared to be of the same order of magnitude as that observed in initially
fine grained material deformed under identical conditions. This is indicated for instance in the micrographs of Figure
18. Therefore, it may be possible to model the deformation of coarse-grained compacts on the basis of a constitutive
relation for fine grained material, assuming that the proportion of the fine grained material continuously increases
during flow, until in the end, the material becomes entirely fine grained, when sufficient deformation has been
imparted. This requires a model for predicting the growth of the necklace structure and a constitutive relation for
fine grained compacts. Therefore, further studies concentrated on establishing a flow strength-microstructure
relationship in fine grained compacts.
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5.1 Flow Curves and As-Worked Microstructures in Fine Grained Compacts

Four important observations were made concerning the flow behaviour of the fine grained compact that
need to be highlighted. Two are concerned with the shape of the flow curves and two with the effects of testing
conditions on microstructure.

1. The compact exhibited softening or hardening during flow and this depended on the strain rate and/or the
temperature of the test, Figure 19. At 1100°C for instance, the compact flow softened at all rates examined, while at
1150°C both softening and hardening was observed. In general, more pronounced softening was observed at lower
temperatures and/or faster strain rates. At the slow strain rate of 10-4 s-1 for instance, the compact flow softened at
1050°C and 1100°C but tended to harden during flow at 1150°C, Figure 19a. At a faster strain rate of 10-2 s-1, the
compact flow softened at all temperatures, Figure 19b.

2. Once a sufficient amount of deformation had been introduced, the initial softening or hardening appeared
to be followed by a regime of flow during which flow strength tended to remain constant while straining was
continued. The strain for the onset of this "steady state" condition of deformation varied with testing conditions.
Under conditions that led first to softening, it tended to decrease with an increase in temperature or a decrease in
strain rate. Under conditions that led to hardening, it was greater than the maximum strains achieved in the tests and
therefore no clear trend could be established. The onset of steady state flow in the hardening case may also have been
obscured by the breakdown in lubrication at high strains which tended to induce upward curvatures in the flow curves.
3. As regard the effects of deformation on microstructure, the average grain size of the material was found
to increase or decrease during flow depending on the test strain rate and the test temperature, Figure 20. The grain
size was refined under most testing conditions and this correlated with softening during flow. Meanwhile, an incrase in
grain size was noted which correlated with flow hardening, at the slowest strain rates and highest temperatures
examined. The degree of refinement or coarsening, as applicable, are compared in Figure 21 for two different testing
conditions. The microstructures shown are typical of thermomechanically processed fine-grained superalloy compacts,
consisting of a microduplex arrangement of Y and Y' grains. Under all testing conditions, examined, the grain size
remained equiaxed in spite of the large strains introduced.

4, Finally, once sufficient deformation had been introduced, the grain size remained constant, as shown in
Figure 20, and this could be correlated with the onset of steady state flow, Figure 19. It was also found that steady
state grain size varied with testing conditions increasing with an increase in temperature or a decrease in strain rate.
The extent by which grain size varied with testing condition is shown in Figure 22 for all the testing conditions
examined in this work.

Grain size in this work was measured following Heynes' procedure(44), as a mean linear intercept. Since
deformation was found to proceed by grain as well as interphase boundary sliding, as discussed later, both grain and
interphase boundaries were included in determining the mean linear intercept of the microduplex structures. The
average grain size of the fine grained compact prior to testing measured in the fashion was found to be in the range
from 5 to 7 ¥m, tending to be slightly larger at 1150°C than at 1050°C because of the smaller volume fraction of Y'at
the higher temperature.

Irrespective of the occurance of hardening or softening during flow, it was found that final flow stresses
increased while final grain sizes decreased with an increase in strain rate at a given temperature, Figure 23. The
trends observed for the range of strain rates examined can be represented by expressions of the form

-n

oss 2= )‘ss &
where Oy is the steady state flow stress, >‘ss is the average microduplex steady state grain size and n is an exponent
which appeared to vary with test temperature. At 1050°C, the exponent n was of the order of 2. It must be pointed
out that this value might have been somewhat lower had a steady state regime of flow been fully established at the
fastest strain rates.

The correlation given by Equation 1 does not imply that steady state stresses are causually related to
steady state grain sizes. The data contained in Figure 23 were collected at different strain rates and the correlation
simply reflects the fact that both quantities are influenced by strain rate. (For a discussion to that effect, see
Ref. 19, page 450). Reasons for presenting the data in this fashion will become evident later.

5.2 Interrupted Tests

The observation of a steady state regime of deformation with grain sizes that depended on the test strain
rate suggested a testing procedure for separating the effects of grain size from those of strain rate and temperature.
The procedure was an interrupted test technique which inveolved prestraining, unloading and immediately restraining in
situ the compression test piece. By varying the prestrain conditions, different average microduplex grain sizes were
produced, and their effects on flows strength were then directly evaluated from the flow curves generated during
restraining. In these tests, the prestraining variables examined were strain and strain rate. These interrupted tests
were performed at 1050°C only.

In tests where strain was the prestraining variable, as-quenched microstructures corresponding to
increasing prestrains at constant strain rate were correlated with flow curves obtained upon restraining at a different
strain rate. This allowed the effects of changes in grain size on flow strength to be evaluated. In tests where strain
rate was the prestraining variable, a number of specimens were deformed to strains of the order of 1.0, or until steady
state conditions appeared fully established, and as-quenched microstructures corresponding to these strains were
correlated with flow curves obtained by restraining at different strain rates. This allowed the effects of grain size on
flow strength at a given strain rate and the effects of grain size on strain rate sensitivity to be determined. Both
interrupted test techniques are illustrated schematically in Figure 24. Flow curves for the fine grained 713L.C
compact obtained with each technique are also shown for discussion.

With increasing prestrain_at a fixed strain rate, (10-1 s-1) Figure 24c, a transition in flow behaviour was
observed upon restraining at 1.4 10-3 s-1 from one where the material flow softened further during straining to one
where flow strength rose instead continuously from the onset of plastic yielding. In all cases, however, stresses
developed at high strains converged towards a steady state level which appeared to be independent of prior
deformation history and to depend only on the imposed strain rate. For small and large prestrains, the convergence to
steady state was incomplete. For a prestrain of 0.6, and a corresponding grain size of 2.2 ym, steady state flow was
established within a true strain of about 0.2, Figure 24c. Changes in microstructures corresponding to this change in
flow behaviour have been discussed elsewhere in detail(22-25), Softening can be attributed to a gradual refinement of
the average microduplex grain size by mechanisms which involve recrystallization of the Y phase and redistribution of
the Y' phase including break up of the coarser Y’ by intrusions of the Y phase and coalescence of the finer Y’ particles.
On the average, more grain and interphase boundary area becomes available for sliding, and as expected in a material
which deforms primarily by grain boundary sliding, the flow stress decreases. By contrast, evidence has been provided
that hardening may be attributed to an overall coarsening of the microduplex grain size 25),
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When the prestrain variable was stain rate, Figure 24d, peak flow stresses upon restraining were all reduced
relative to those of the as-hipped material. This was because under all testing conditions, the grain size was refined
relative to that of the as-hipped material. It was found, however, that differences in flow resistance were more
pronounced after prestraining at faster strain rates. Again this was attributed to larger differences in grain size for
this prestraining condition. It was also noted that either softening or hardening occurred upon restraining depending on
the test strain rate and the grain size present upon resumption of the deformation. For instance, in material with an
average microduplex grain size of 2.0 ym , Figure 21d (produced by prestraining at 10-1 51 to a strain of 0.6) softening
occurred at 10-2 s-1 while hardening occurred at 10-4 and 3 x 10-4 -1,

The results of these interrupted tests have been analyzed and discussed at length elsewhere(25), They all
concurred on a number of points. Firstly, they confirmed that grain size has a strong influence on flow strength in
P/M superalloys. Secondly, they indicated that steady state flow stresses and steady state grain sizes are independent
of prior deformation history, depending only on the deformation strain rate at a given test temperature. And thirdly,
they showed that transient flow behaviour prior to the onset of steady state flow varies with starting and finishing
(steady state) grain sizes for a given set of testing conditions.

The effects of the starting grain size on yield strength for all testing conditions examined are shown in
Figure 25. Here, offset yield stresses rather than peak strength, are used since several of the flow curves from which
the data were derived exhibited hardening right from the onset of plastic yielding. It may be seen that the as-hipped
material with the largest grain size had the highest flow strength. Its strain rate sensitivity

__dlngo
m = FhE @

increased with decreasing strain rate from approximately 0.2 at the fastest strain rates to about 0.5 at the slowest
strain rates. This is not unexpected from a material which exhibits superplastic characteristics. Strain rate
sensitivities for different grain sizes obtained by the interrupted test technique were of the same magnitude although
they remained of the order of 0.5 to increasingly higher strain rates as the starting grain size was decreased. The
grain size dependence of flow strength at constant strain rate and temperature obtained by cross plotting the data
from Figure 25 is shown in Figure 26. The dependency is of the form

g P
(Toffset)e,T = A 3

where A is the average microduplex grain size at the start of the test and the magnitude of the grain size sensitivity
index

S Ino
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varies with strain rate and grain size. For finer grain sizes this index is of the order of 2 but it decreases with either
an increase in strain rate or grain size.

It is interesting to note that the magnitude of the grain size sensitivity index, falls in the range normally
reported for superplastic alloys, although it is somewhat higher than normal for the finer grain sizes examined.

5.0 DISCUSSION

The flow behaviour of the fine grained compact as presented in Figure 25, is generally consistent with
deformation behaviour under superplastic conditions in fine grained superplastic alloys(“s' 7). 1t will be generally
recognized that a transition occurs in the strain rate sensitivity of fine grained superplastic alloys over a range of
strain rate usually between 10-3 to 10-1 s-1 as observed in this work. At strain rates less than the transition strain
rates, such alloys exhibit high strain rate sensitivities, typically of the order of 0.5 or more which compares to values
of 0.25 or less for non superplastic alloys tested under identical conditions. In this low strain rate regime, known as
Stage II deformation, plastic flow is predominantly governed by grain boundary sliding (gbs). Under such conditions
flow strength is strongly influenced by grain size, as observed experimentally in the compacts under investigation.

At strain rates greater than the transition strain rates, the strain rate sensitivity decreases to values of
0.25 or less. In this high strain rate regime of superplastic deformation, known as Stage IIl, the deformation is
predominantly governed by the motion of dislocations in the %ra'n is\teriors (mdg, involving glide, crossglide and climb
processes) and conventional hot working mechanisms operate 19,48), Also the effects of grain size on flow strength
are greatly reduced during Stage III as compared to Stage II. Most often, the transition from the condition where gbs
dominates to one where deformation becomes predominantly governed by mdg occurs over a range of strain rates
which may cover as much as three orders of magnitude in strain rates. The contribution from gbs gradually decreases
as that from mdg increases when the strain rate is increased across this range. Both this transition and the two
regimes of flow (Stage II and III superplasticity) are evident in Figure 25, with a strain rate sensitivity of 0.5. for all
grain sizes examined at slow strain rates below 10-3 (Stage II) and a strain rate sensitivity of ~ 0.2 at high strain rates,
typically greater than 10-1 s-1 (Stage 111).

The transition from Stage II to Stage III deformation is of particular interest in this case, since it covers
the range of strain rates most likely to be encountered during superplastic forging of discs. The transition is a region
where both modes of deformation (gbs and mdg) occur simultaneously in parallel(49), each contributing different
amounts of strain to the total deformation. A rate equation for discribing flow when strains are additive, as they are
in this case, can be written as(49

€= égbs + €g (5

where € is the applied strain rate and £ bs and eg are appropriate stress functions for deformation by gbs and mdg,
respectively, to relate flow stress in each case to macroscopic variables of deformation (strain rate and temperature)
and to appropriate microscopic or state variables for describing the current state of microstructure(30), With the
appropriate stress functions, as discussed later, Equation 5 reduces to a 4th order polynomial of stress which can then
be solved for stress for any given state of microstructure.

The relative contribution from gbs and mdg may be expected ta vary with deformation conditions and the
state of the microstructure. At slow enough strain rates, mdg contribution becomes negligible relative to the amount
of deformation produced by gbs and Eq. 5 reduces to £~ €gpg. Conversely at high strain rates, intragranular regions
are weaker than the grain boundaries and dislocation generation and propagation within the grain interiors become the
primary source of plastic deformation. In this case Eq. 5 reduces to &~ ¢ 5. Evidence has been provided for materials
of the type cansidered in this work that over the entire range of relevant s?rain rates, both modes of deformation may
contribute to flow, with gbs persisting well into the apparent Stage III regime and conversely mdg being evident even
at low strain rates in Stage II deformation, at least within some of the grains 51), Dislocation activity in the grain
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interiors of the present material must have been obviously sufficiently high, both at high and low strain rates at
1050°c, to provide the driving force for recrystallization, as observed .

In the material examined, the transition from Stage II to Stage IIl deformation was shifted to higher strain
rates as the grain size was refined, Figure 25. This is again consistent with Eq. 5 since at a given stress level, more
deformation by gbs may be expected in a material with a finer grain size(845-47), Also, as deformation progressed, in a
test at constant strain rate, the grain size was refined and the contribution from gbs was increased relative to that in
the as-hipped fine grained material. As a result of this, the material flow softened until steady state conditions were
achieved. Because of the fine grain sizes present under these conditions, typically from 1 to S5um, {Figure 22), the
dominant mode of deformation must be grain boundary sliding and therefore £q. 5 reduces to ¢ = egbs for steady state
conditions.

5.1 Phenomenolagy of Deformation in P/M Superalloys at Forging Temperatures and Strain Rates

From the evidence provided, the flow curve at constant strain rate and temperature, under typical
isothermal forging conditions, can be decomposed into two regions that differ in the way the flow strength and
microstructure evolve during plastic flow. As shown schematically in Figure 27, a transient flow regime (hardening or
softening as demonstrated earlier) preceeds the onset of a steady state regime during which neither flow strength nor
grain size continue to change with further straining. Evidence has been provided which indicates that flow stresses
and grain sizes under steady state conditions are independent of the starting grain size. Both quantities, however, vary
with the test strain rate at constant temperature. By contrast, transient flow depends both on strain rate and the
microstructure in ways which can be rationalized however. —

5.1.1 Transient Flow

It will be generally reco%nized that flow strength in superplastic alloys depends only on strain rate and
grain size at constant temperal‘.ure(4 ). Under such conditions, the total derivative of the logarithm of the stress can
be written as:

In In
dln 4 = (8200, din g + (&£-29y  dIn (6)
g shhe Ty € slhy  T,e A
or
ding=mdIn g+pdlny )]

where 4 is the stress, ¢ is the strain rate, ) is the average grain size and m and p are the strain rate sensitivity and
grain size sensitivity exponents (from Eqs. 2 and 4) at constant structure and constant strain rate, respectively.
During tests at constant strain rates, this reduces to

ding=pdlin y (8

and since p is positive over the entire range of strain rates examined, (c.f Figure 26) the direction and rate of change
in flow strength are predicted to be directly proportional to the direction and rate of change in grain size, i.e.
dg/dt « d)/dt.

Meanwhile, the direction of change in grain size during transient flow is governed by the size of the initial
grains, )j, relative to the size of the grains at steady state, )gg, which in turn is governed by the applied strain rate.
With )i > Agsy dA/dt < 0 and the flow stress decreases during flow, Figure 28. By contrast when i < Xss, dA/dt >0
and the flow stress rises instead during deformation. Thus, depending on the sign of the initial to final grain size ratio,
the fine grained compact will either soften or harden during transient flow. Where 3j ~ 3gs, the compact is at steady
state from the onset of plastic yielding as shown in the middle schematic of Figure 28.

5.1.2 Steady State Flow

The possibility that a steady state regime of flow may prevail under superplastic conditions at high strains
is perhaps not widely recognized in the superplastic literature. Its existence has been suggested, however(32), and
strong evidence for its occurence in the present material has been provided. Neither the steady state regime nor the
inverse correlation between steady state flow strength and steady state grain size, Figure 23 and Eq. 1, are entirely
unexpected. A parallel can be drawn with the steady state regime known to prevail at high strains in metals and alloys
under hot working conditions, where the inverse correlations between the size of dynamically recovered subgrains or
dynamically recrystallized grains and steady state flow strength are well established(19,53), However, while in the
latter two cases, steady state is generally attributed to a balance between mechanisms of dislocation generation and
restoration 19,4é , steady state flow in the material under investigation has been attributed to a balance between grain
coarsening and grain refinement(23,25), During steady state, some grains may be expected to grow beyond the average
equilibrium steady state grain size. With continued straining, the contribution from slip within those larger grains will
become more prominent. This will raise in turn local driving forces for recrystallization and eventually lead to
recrystallization of those deformed grains. The new recrystallized grains will then be fine enough to deform by gbs
until they grow again to the point where they will recrystallize for reasons given earlier. Although somewhat
hypothetical, steady state in this superplastic material may be regarded as a condition during which superplastic
properties Z%Pe simultaneously lost through growth and regenerated through refinement of the average microduplex
grain size\<’),

The phenomenology discussed so far is fully consistent with observations made at high strains concerning
apparent strain rate sensitivities under steady state conditions. Peak flow strength for the fine grained compact and
for the coarse grained compact obtained by consolidation above the ' solvus are compared in Figure 27 with the
corresponding steady state data. It may be seen that the apparent strain rate sensitivity

mg =—3ing 9)

dln ¢
is much lower under steady state conditions than for the original as-hipped fine grained compact, both at low and high
strain rates. This may be fully accounted for on the basis of the difference in grain size existing under steady state
conditions in specimens deformed at different strain rates.
If the flow stress is only a function of strain rate and grain size at constant temperature, as assumed, then
it may be shown from the rules of partial differentiation that the apparent strain rate sensitivity my is given by
dlin 3

Mg = mep = 7, (10$)
€
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where m is the true strain rate sensitivity at constant structure, (§ In ¢/ § In é))‘,T , p is the grain size sensitivity
exponent from Eq. 3, (§ In o/ § In A)é,T and the last term to the right of Eq. 10 accounts for the effects of strain rate
on steady state grain size. Both the latter quantity and the grain size sensitivity exponent p were determined
experimentally. From Figure 22, d In A/d In ¢ ~ -0.1 and from Figure 26 or Eq. 3, p = 2. Assuming that changes in
grain size only start at strains corresponding to peak strength, that is to say, that peak strength values correspond to
the flow stress of the material at constant grain size (the fine initial grain size in this case) then it can easily be shown
that at steady state one should obtain for Stage II deformation at low strain rates, mg = 0.5 + 2 (-0.1) = 0.3 which is as
observed experimentally. The low apparent strain rate sensitivity at steady state and high strain rates (mg ~ 0) may be
due partly to increasing adiabatic heating effects with increasing strain rate which makes the interpretation more
delicate in this case. The good correlation obtained otherwise between measured and predicted values lends support to
the proposed deformation phenomenology.

5.1.3 Deformation Mechanism Map

On the basis of the deformation phenomenology discussed above, it is possible to develop a deformation
mechanism map for isothermal conditions by plotting together the steady state data from Figure 23 with data on the
grain size dependence of flow stress from Figure 26. This is shown in Figure 29. In this schematic, the steady state
data line AB separates the stress-grain size field of the map into two regions within which different mechanisms
operate. Below line AB, grain boundary sliding is the dominant mode of deformation, and the material is fully
superplastic. Above line AB, the conditions of flow are only partially superplastic with the contribution from gbs
relative to that from mdg decreasing, when both the strain rate and grain size are increased. This region corresponds
to the transition region of Figure 25 discussed earlier. The deformation mechanism map predicts that the compact
will harden during flow for a given grain size (broken line, Figure 29) if the strain rate is such that a coarser grain size
is produced at steady state, Case 1, Figure 29. Conversely softening during transient flow is predicted for the same
initial microstructure when the strain rate used is such that a finer grain size is produced at steady state. This would
be expected to occur for all strain rates greater than €y, as in Case 2, Figure 29.

Presentation of flow stress data in the form of Figure 29 is useful because it provides the grain size and
strain rate dependence of flow strength independently together with information on the direction of changes in grain
size and flow strength during flow as a function of current values of grain size and strain rate. A variant for
presenting the data which may perhaps appear more familiar is shown in Figure 30. Here, offset yield stresses are
plotted against strain rates (solid lines) for different initial grain sizes, including the data for solution treated coarse
grained compacts (50 pm grain size), in combination with steady state data (broken line). In this diagram, the
intersection of the broken line with any of the full lines gives the value of the steady state grain size and steady state
stress at the corresponding strain rate(13), The diagram also allows one to predict the direction of change of stress
and grain size during plastic flow at 1050°C as a function of applied strain rate. For instance, when the initial grain
size is 1.5 ym and the strain rate is 1.4 x 10-3 s~1, the compact flow hardens as the grain size grows until steady state
conditions are reached. The flow stress and grain size then remain stable at ~ 27 MPa and 2.5 pym respectively, case B
Figure 30. By contrast, if the initial grain size is 6 ym, the compact flow softens as the grain size is refined, until
steady state conditions are again established, case A Figure 30. As far as the solution treated coarse grained material
is concerned, flow softening and grain refinement are predicted at all forging rates covered by the diagram, as
observed experimentally.

While both diagrams (Figures 29 and 30) describe the magnitude of changes in flow strength and grain size
neither of them indicate the rate at which these changes will occur. Experimental evidence suggests that this varies
with grain size and testing conditions. For instance grain growth at 1050°C was found to be very slow and the rate at
which the compact flow hardened remained slow accordingly. However the degree of hardening involved in this case
was fully consistent with the proposed phenomenology(25),

5.2 Deformation Madelling

A methodology for modelling flow in fine grained compacts based on the deformation phenomenology of
Figure 30 has already been proposed(15). The approach which is detailed elsewhere relies on solving for the stress
using Eq. 5 for any given state of microstructure. This is then coupled with magnitudes and rates of change in grain
size to fredict changes in flow strength and grain size as a function of the deformation history in an incremental
fashion(15), The required data on magnitude and rate of change of grain size are obtained from Figure 30 and from
data of the type contained in Figure 20, respectively.

The methodology assumes that deformation follows a mechanical equation of state of the form o = f(,T,A)
where the stress is only a function of instantaneous values of strain rate, temperature and grain size. This is a
reasonable assumption under superplastic conditions(42 , and since the fine grained compacts are superplastic, it is
applicable in this case. The methodology also implies that reliable materials data on magnitude and rate of change in
grain size can be readily obtained as a function of instantaneous values of strain rate and grain size by the interrupted
test techniques of the type introduced earlier. For fine grained compacts this is not an unreasonable requirement
either, since under superplastic conditions, flow remains homogeneous and changes in grain size are small and occur
uniformly throughout the test piece during compression. For coarse grained compacts however, flow is not
superplastic, at least initially, and the microstructure evolves non uniformly by the heterogeneous nucleation and
growth of a fine grained necklace structure in the manner described earlier. Therefore, the methodology develaped
for fine grained compacts is not directly applicable in this case.

To model the deformation behaviour in coarse grained compacts, it is necessary to develop a micro-
structural model for necklace development and to identify a suitable stress function that can be used to relate stress
to the variables of deformation (¢,T) and to the microstructure at any stage of the transformation.

5.2.1 Microstructural Model

The microstructural evidence indicates that new grains first appear at original grain boundaries. More
grains are then added in a layerwise fashion and the volume fraction transformed to the fine grained condition
increases in the manner shown schematically in Figure 31. For modelling purposes, two assumptions are made
concerning the nucleation and growth of this structure. Firstly, it is assumed that nucleation of the first layer is
complete at the strain to peak strength. This strain is independent of strain rate and is of the order of 0.05 in the
compacts. And secondly, it is assumed that the new grains, when fully developed, reach a size dictated by the applied
strain rate which is given by the steady state data line of Figure 30. Thus, with continued straining, regions of soft
superplastic material (small steady state grains of size d) develop whereby the continuity of the hard material (ie. the
remainder of the original coarse grained microstructure) is broken, until in the end the soft material becomes
continuous.

Because of these changes, the mechanisms of deformation will change with strain at constant applied strain
rate. This is indicated in Figure 30 for 50 ym grain size material. Initially the deformation is primarily governed by
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mdg and Stage IIlI conditions prevail. With continued straining, however, the deformation conditions fall below the
Stage III/Stage II transition parting line and an increasing proportion of the material now deforms by gbs. When
transformation is complete and the material is entirely fine grained, steady state conditions are maintained. At this
point the flow stress and grain size are given by the steady state data line of Figure 30 at the appropriate strain rate.

To model the transition between peak and steady state stress, a stress function is required that can account
for the heterogeneous distribution of hard and soft region within the material. The function must also be able to
account for strain (time) dependent effects on the propartion of these hard and soft regions. As pointed out by other
workers\?%/, the heterogeneity of microstructure can be accounted for by proper averaging of properties in the hard
and soft regions. Several approaches to making these averages are possible. The two simplest assumptions are that
the strain rate remains the same in each region, or alternatively that each region carries the same stress during
deformation, Figure 32. The latter approach is more attractive since it is compatible with the occurence of micro and
macroscopic flow localization, as observed experimentally in the coarse grained compacts. Mechanical equilibrium
requires in this case that:

£=F égps+ (1-F) & 1)

where F is the volume fraction of material that deforms by gbs, €gbs is the strain rate in the soft superplastic regions
and gg Is the strain rate in the hard non superplastic regions. Initially F = 0 but during plastic flow, F progressively
increases with increasing strain until steady state conditions are achieved at which time F = 1.

Koul and Immarigeon(20 have recently proposed that an Avrami type relation can be used to describe the
fraction F transformed at any stage of deformation with

F =1 - exp (-ctn) (12)

where c is a material parameter which depends on the nucleation and growth rate of new grains and n is a numerical
constant which depends on the nucleation mechanism. These authors have argued that Cahn's formal treatment of rate
theory for grain boundary transformation reactions 55) can be applied to describe the fraction transformed F right up
to steady state conditions in a stepwise fashion. Several attempts have alread{ been made to apply Cahn's treatment
for describing dynamic recrystallization in steels under hot-working conditions 56,57), A major difficulty in applying
Cahn's treatment stems from the occurence of site saturation, a condition reached when the original grain boundaries
become surrounded by a shell of transformed product and the transformation can only proceed therefrom by
anisotropic growth of aiready formed grained. This predicts an elongated grain shape which is not observed in the
present compacts. The necklace structure grows instead, by addition of equiaxed grains at the interface between the
transformed and untransformed regions. This indicates that once the original grain boundaries are consumed, the
conditions are set again for a new wave of recrystallization to occur at the periphery of the untransformed portion of
the original grains. Therefore, it can be argued that Cahn's treatment can again be applied in a stepwise fashion using
a reduced "effective"” grain size equal to the size of the untransformed regions of the original grains. For the spherical
model grain shown in Figure 33, the reduced effective grain size A(t) at any time during deformation is given by

Alt) = A - 2Nd (13}

where N is the number of steady state grain layers at time t, X is the initial grain size and d is the steady state grain
size. For analytical purposes, N is allowed to be a non integer.

Cahn's treatment(55) leads to two relations for describing the extent of transformation in the case of
tranformation products nucleating at grain boundaries. In nucleation controlled reactions, the volume fraction
transformed is given by:

F:l-exp(-—;-'NvG3t4) (14)
while for growth controlled reactions it is given by:
F=1-exp(-2SGt) (15)

where I{IV is the grain boundary nucleation rate per unit volume of the assembly, G is the growth rate of new grains,
and S is the grain boundary surface area per unit volume. Both relations were used as the basis for modelling necklace
growth. The latter of the two was found more appropriate, as shown later.

The major difficulty with modelling necklace growth, resides in the assessment of the dynamic nucleation
and growth rates of new grains during deformation. Both nucleation and growth rates may be expected to increase
with strain rate, since their driving forces, i.e. dislocation densities, increase with strain rate at constant
temperature{19). These requirements were accommodated by relatianships of the form

G = KL g sr2 16
and

G =Ky &l/2 17)
for Eq. 14, as described in Appendix 11, and by

G =K3 & (18)

for £q. 15. Here K3, K2 and K3 are material constants and €g is the instantaneous local strain rate within the hard
untransformed regions. The dependence of growth rate on strain rate is somewhat conjectural. There is no supporting
experimental data f{:r the) choice of the strain rate exponent in Egs. 16 or 17. In Eq. 16 the choice is based on other
researchers findings 56,57) as described in Appendix II, while in Eq. 17 it is chosen to keep the exponent of Eq. 15 non
dimensional. .

Replacing the time t in £gs. 14 and 15 by (&7 - €1)/ €,where €7 is the strain at time t, €] is the strain at
peak strength and €is the applied strain rate,gives:

12 K1 K23 . . 4
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for £g. 14 and
(20)

12Kz - €2~ €]
F=l-exp(->\(t) &g A D)

for Eq. 15.

5.3.2 Constitutive Relation

Substitution for €ghg and eg in Eq. 11 can be made using any of the well accepted models for grain
boundary sliding and intragranalar deformation. To this end a generalized equation of the form.

_ADub b P 9-% " (21)
€= &) ( )
kT A B

can be used with particular constants for each mechanism. Here A is a material constant, D is the active diffusion
coefficient, pis the shear modulus (temperature dependent) b is the Burger's vectar, k is Boltzman constant, T is the
temperature, A is the grain size, o is the stress and 0, is a back stress which arises as a consequence of interractions
between moving dislocations and a range of microstructural features that oppose their motion(98,59),  Little
information exists on the origin and magnitude of back stresses in powder processed alloys of the type considered here.
For simplicity it is assumed that the primary source of back stress in the compacts under investigation is the fine
intergranular y' present in the grain interiors. An estimate of around 40 MPa was made_for the coarse grained
compacts based on measurements reported for a similar high y' volume fraction cast alloy(58). However, in the fine
grained compact where most of the ¥' is present as separate grains in the microduplex structure, the intragranular
back stress contribution is comparatively small and can therefore be neglecl:ed(20 5

Several theories have been developed for gbs under superplastic conditions when the grain size is very
small. A critical review of these models has recently been published(éo). Several of the proposed theories predict
very similar and eventually correct strain rates at a given applied stress in the region of optimum superplasticity i.e in
Region II. With most theories, p = 2, n = 2 and Eq. 20 reduces to:

A1Dgbub
. ADgbub b2 ;. 2
Egbs = —1— () ) (22)

where Dqp is a coefficient for grain boundary diffusion.

Several other theories(61-64) have also been developed for intragranular flow in precipitation hardened
alloys based on climb controlled mechanisms which lead to relations of the form of Eq. 21 with p = 0 and n = 4, often
described as power law relationships:

’ A2Dy pb 0-0g 4 (23)

fg= T ()

Here Dy is a coefficient for volume diffusion. It is shown elsewhere that reasonable fits to the data can be achieved
with these two relations for compacts both in the fine grained and the coarse grained condition(20), Combining Egs. 22
and 23 in Eq. 11 with either of Egs. 19 and 20, for instance with Eq. 20, gives the constitutive relation for flow in
coarse grained compacts:

G A1Dgbub 2 2 g 4

toF SR (D &y v a-p ADu Ik, (26)

Foloexp o283 o _%2-% (25)
- P 3® ¢

€

The first of the two relations reduces to a 4th order polynomial in stress which can be solved for any given
value of F i.e. at any stage of transformation. The calculated stress can then be used to determine from Eq. 23 the
effective strain rate in the untranformed regions, €4, which governs the rate at which the tranformation progresses
(c.f Eq. 25). As a first approximation Og is assumed to remain constant in this calculation. The measured is then
used in Eq. 25 to determine changes in F with time and the procedure repeated to determine changes in flow strength
and microstructure through an iterative procedure. The condition A (t) = d (c.f Eq. 13) provides the criterion for the
onset of steady state which signals that transformation is complete. .

As the transformation progresses and the effective strain rate within the untransformed regions, €q
decreases, an increase in the size of new steady state grains can be expected. This can be either neglected, on the
grounds that the cha{na?s will be small over the range of likely rates or it can be taken into consideration as part of the
iterative procedures 20), In this case the constitutive relations, Egs. 24 and 25, are madified to read s

, i A1Dgb pb> 5.2 ApDypub O-gy 4
C i P ol RGN - B | e U o, (26)
diZ kT kT n

jul
F=2Fi=2[l-exp(- 12 kN.d. égi( Ml_)] @n
= 141 €

where i =1, 2, 3, ...., n are the iteration steps. Necklace development is followed in terms of Nj the number of steady
state grains layers added. This is determined by substituting in an equation of the form Nj = A (t); F/2dj. Finally,
changes in average grain size can be monitored if required by an equation of the form Aj = A/2(E Nj) + 1 where N is
the number of steady state grain layers of diameter d; formed during the iteration.

To assess the validity of the proposed model, and assumptions made, flow curves were simulated for a
single grain of the model material with a diameter of 50 um using the iterative procedure (Eq. 26 and 27) for strain
increments of 0.1. Simulations were also performed assuming that growth of the necklace structure is controlled by
the nucleation rather than the growth of new grains i.e. by using Eq. 14 rather than Eq. 15 as the basis for modelling
the fraction F transformed.

Predicted flow curves are compared in Figure 34 with the experimentally determined flow curves that were
obtained by compression testing at high and low strain rates in the range of interest to isothermal forging. Since the
development of the necklace structure is not uniformly distributed within the test piece, with a number of regicns
remaining totally untransformed, Figure 11, the "true" flow curve of the material, representative of a uniformly
distributed transformation, can be expected to be lower than the measured flow curves. For this reason it is concluded
that necklace development is growth rather than nucleation controlled, since only when the development of the
necklace structure is assumed to be growth controlled, do the predicted flow curves fall below the measured curves.
Thus, the use of £q. 15 appears more physically realistic for modelling necklace growth, providing the anomaly of a
crossover at higher strain rates is ignored. This crossover is linked to flow localization and gross plastic instability in
the test piece at the fastest strain rate. It is interesting to note that a solution of the form F = 1 -exp (- C/A t 3)
where C is a constant and X is the grain size has been shown to describe reasonably well the progress of dynamic
recrystallization in steels(37). This relation is similar to that of £g. 20 of this work and is derived from Eg. 15 by
allowing for a continuous change in the specific active grain boundary area for nucleation of new grains 57).
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In principle, the methodology proposed herein for modelling plastic flow in coarse grained compacts can be
used in conjunction with the finite element method to follow transformation among elements of a finite element mesh
under conditions where the strain rate and the microstructure do not remain constant but vary instead from element to
element as a result of strain and strain rate gradients(zo). It is beyond the scope of this work to demonstrate this.
However, it must be emphasized that in the end, the ability to predict accurately the microstructure produced in
billets deformed under well controlled conditions of temperature, strain rate and lubrication will provide the critical
assessment for the validity of the proposed model and assumptions made.

6.0 CONCLUSIONS >

Carefully controlled compression tests have been used to assess the effects of microstructure on flow
strength in P/M superalloy compacts. This has shown that grain size has a strong influence on the flow behaviour of
these materials. Based on observations of the interdependence between evolving microstructure and flow strength, a
phenomenological model for plastic flow has been introduced and a methodology for modelling deformation at
isothermal forging temperatures and strain rates in this class of alloys has been developed. In this regard a
constitutive relation that allows the prediction of flow strength and changes in microstructure during flow has been
developed. It has also been suggested that the constitutive relation could be used in conjunction with the finite
element method to predict microstructures in forgings for optimization of properties in forged turbine discs.
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APPENDIX I

The major difficulty with the compression test in terms of preserving homogeneity of flow is the occurence
of friction at the die/specimen interfaces. Friction was minimized in this study by using molten glass lubricants
(sodium/calcium borosilicate frits with varying amounts of magnesia and alumina, molten at the test temperature) and
by using dies with highly polished hard faces. To further improve lubrication, annular grooves were machined in the
end faces of the specimen., The grooves entrapped the lubricant which was then squeezed during compression between
the specimen and the dies under the large hydrostatic pressure generated within the entrapped liquid. This helped
maintain proper lubrication throughout a test and it was found that breakdown in lubrication only accurred at high
strains, typically greater than one.

The geometry of the compression test piece used for this study is shown in Figure Al-1. The specimens
were right circular cylinders with a height to diameter ratio of ~ 1.5. Dimensions of the lubricating grooves are also
indicated. The efficiency of the grooves/lubricant combination can be appreciated by comparing the end faces of
compressed specimens with the end face of an undeformed test piece, Figure Al-2. The grooves remained concentric
and uniformly separated with increasig strain and there was no evidence of cylindrical surface foldover even after a
true strain of 0.7. This, coupled with the relative absence of barreling, and the absence of macroscopic shear flow
localization within the bulk of the specimen, as evidenced by the diametral section shown in Figure AI-3, indicates
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that flow remained nearly homogeneous within most of the volume of the specimen during compression. Some degree
of inhomogeneity was evident near the end faces as indicated by the splayed edges. This was probably the result of the
high pressure byilt up within the glass lubricant trapped in the outer groove. Under those well lubricated conditions, it
can be argued(l) that deviations from ideal deformation are likely to occur only near the end faces and that the stress
therefore remains uniform uniaxial compression within most of the volume of the specimen.

The efficiency of lubrication in the tests was further evaluated by comparing the flow curves obtained
under identical testing conditions for specimens with different height to diameter ratios (constant diameter). As the
height of the specimen is decreased relative to its diameter, frictional end effects may be expected to become more
prominent. If lubrication is poor and end effects are severe, one may then expect substantial increases in the observed
flow strength{2). Under the present conditions, however, there was little variation in flow strength with a change in
d/h from 0.4 to 2.0 as shown in Figure Al-4. Furthermore, the marginal increases in flaw strength for identical strain
levels were not more pronounced at high strains, as shown in Figure AI-5. Thus, end effects were indeed minimal in
the present test and remained so even at high strains.

It is assumed that the flow strength in a specimen of infinite height (obtained by extrapolation to d/h = 0 in
Figure AI-5) represents the flow strength under frictionless conditions (2), it is possible to obtain an estimate of the
coefficient of friction, using the data from Figure AI-5 and the expression for the average axial stress in a cylinder
loaded in compression under Coulomb friction (3). When this is done, one obtains a coefficient of friction y » 0.04.
Therefore, assuming that y remained constant up to a strain of one, the frictional contribution to the measured flow
stress at that strain was less than 4%.

The true stress in the context of this work is defined as the measured load L divided by the instantaneous
cross sectional area of the test piece A:

o=k (A-1)

The instantaneous area of the test piece is calculated assuming constancy of volume from the
instantaneous height of the test piece h using the relation
Ag hg

h

where Ag and hg are the initial cross sectional area and initial height of the cylindrical test piece, respectively.
The true incremental strain is defined as

de = & (A-3)

A = (A-2)

so that the true strain is given by

e = In 5 (A-4)

or |e| = ln— (A-5)

to account for the negative sign of compressive strains.
From these definitions, constancy of strain rate throughout a test requires that

de _dh 1, ¢ = constant (A-6)
dt h dt
or v = ¢h (A-7)

where v is the hydraulic ram velocity at a strain rate ¢. Thus, constancy of strain rate requires that the ram velocity
be maintained proportional to the height of the specimen. As the latter decreases during testing, so must the ram
velocity.

Solving for

=gl = aidt (A-8)
gives h = ho exp (-[e]t) (A-9)
or v = vgexp (-|e[t) (A-10)

Therefore the ram velocity must decrease exponentially with time. With the present apparatus this is obtained using
the voltage output from an RC circuit to control the position of the ram. With this technique, strain rate is
determined by the time constant (1/RC) of the RC circuit. This can easily be adjusted as required by changing the
resistive value of the RC circuit, while the capacitive element is kept constant(4),
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B35 =
GROOVE GEOMETRY — all dimensions in mm.
— height to diameter ratio ~1:5
— end faces grooved fo retain
liquid lubricant
——————— 9,65 ———————=
FIG Al-1 Specimen geometry including details of the geometry of grooves machined in the end faces for retaining the

liquid glass lubricant used to reduce friction between the tooling and test piece.

FIG Al-2 End faces of specimens before and after compression. The uniform concentric expansion of the lubricating
grooves are indicative of the efficiency of lubrication in these tests.
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FI1G Al1-3 Compression tests pieces after varying reductions in height showing a) relative absence of barelling and b) lack
of shear flow localization within the test piece.
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FIG Al-4
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APPENDIX II

Modelling for Nucleation and Growth Rates of New Steady
State Grains in the Development of the Necklace Structure

by A.K. Koul, N.A.E.

5 Consider the spherical grain of diameter 'A* being deformed under isothermal conditions at a strain rate of
€ 51, After a certain time 'ty', i.e. a strain €], steady state grains of diameter 'd' are about to form near the grain
boundaries as shown below.

Nucleation of the first layer starts near the grain boundary because under hot working conditions shear
stresses near the grain boundaries significantly exceed the homogeneous shear stressestl), resulting in a rapid build up
of dislocation near the boundary and therefore a high local driving force for recrystallization.

As deformation progresses, new grains grow to their steady state size d at which point a new layer is added
and the process repeated with the addition of successive layers until transformation is complete.

At time t9, the total amount of strain imparted is '€7' and the total number of steady grains within the parent
grain is ng. The volume of the parent grain V=T A3/6 and the volume of remaining grain after a strain '€2' is given by
V=T >‘f/6. Therefore the volume of the parent grain transformed 'V¢' is given by,

Vi =V-vp =g A7 =29 (AIL-1)

The volume transformed 'Vy' is also given by the product of the number of steady state grains and the volume of the
individual steady state grain,

T
Vi = ng - - d3 (AlI-2)
A3 -ON (
_AT T AR All-3)
or Ng = P

If N represents_the number of steady state grain layers formed after a strain €3, then An=X -2Nd as shown.
Substituting for A in Equation (AII-3), we get,

A3 - ang)?
Ng = ——g————

T3
. 6NGY 2 - 12N2d2A 4 BN3d3
- =

The second and third term in equation (4) are considerably smaller than the first term and can therefore be neglected.
Therefore:

or ng (All-4)

2
ng = 6NA /d2 (AIL-5)

The number of steady state grains per unit volume Ny = ng/V and, Ny = 36N/Td2Z, since V =TA 3/6. The nucleation rate
per unit volume, Ny, is given by,

. dN
Ny = n‘%ﬁ“dz at (Al1-6)

It is necessary to assume an expression for 'N' to calculate Ny through equation (All-6). Prior to assuming an
expression for N, let us focus our attention on the growth rate 'G' and from here draw any positive conclusions
regarding the nature of expression for 'N'.

Roberts and Ahlblom(2) write an expression for 'G' under fixed deformation conditions of strain, strain rate
and temperature, where,

G= 1.05 - 1.25 m zP 5o (AII-7)
where 'm' is the grain boundary mobility, 'z’ is the dislocation line energy and 9 ,' is the critical dislocation density
necessary for dynamic recystallization to proceed. Equation (AIl-7) can be approximated to a form, G* P gg, or G <

g)l 2 sinceP oo * sgl Z in the present case. Thus:

G= Kzégl/z (AI1-8)
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where K3 is a proportionality constant. The fraction 'F' transformed (section 5.3.1, Equation 14) is represented by,
F= l-exp(i;&v(ﬁta)
or after combining with Egs. All-6 and AIl-8:
F=1-exp ('_g Ny K3 &q3/2 t4) (AIL-9)
In accordance with equation (AIl-9), Ny « & 5/2 t, such that Nij o ég which maintains equation (AIl-9) in a
dimensionless state, as required in an avrami re?ation. Following this argument it becomes evident that,

Ny = Kj ¢g%/2t (AII-10)

where K] is a proportionality constant and 'N' can be a non-integer number. Combining equations AII-6, AII-8 and All-
10, the fraction 'F' transformed under fixed deformation conditions can be expressed as,

4
-12 324 €2-€1
F=1-exp( )\_(t—)ﬁ K1K2 &g g ) (All-11)

Similarly, when using Eg. 15 of section 5.3.1 to calculate the fraction 'F' transformed, with § = 6/%(t) one

gets:

F=1-expi %tz) Gt) (AII-12)

To maintain the dimensionless nature of the above equation, G = K3 ég, where K3 is constant in um, and
finally:

F=1- exp(;\l(zt)K3 &g ef,: el (AII-13)
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CONTROL OF MICROSTRUCTURE DURING HOT WORKING OF Ti-6242

H. L. GEGEL, Y. V. R. K. PRASAD, S. M. DORAIVELU, J. C. MALAS,
Jd. T. MORGAN, K. A. LARK, and D. R. BARKER
AFWAL/Materials Laboratory
Wright-Patterson Air Force Base, Ohio 45433 USA

ABSTRACT

A new method of modeling the dynamic material behavior which explicitly describes the dynamic metal-
lurgical processes occurring during hot deformation is presented. The approach in this method is to
consider the workpiece as the only part of the total processing system which dissipates power and to
evaluate the dissipated power co-content J from the constitutive equation. The optimum processing condi-
tions of temperature and strain rate are those corresponding to the maximum or peak in J. It is shown
that J is related to the strain-rate sensitivity (m) of the material and reaches a maximum value (Jpax)
when m = 1. The efficiency of the power dissipation (J/Jmax) through metallurgical processes is shown to
be an index of the dynamic behavior of the material and 1s useful in obtaining a unique combination of
temperature and strain rate for processing and also in delineating the regions of internal fracture. In
this method of modeling, no a priori knowledge or evaluation of the atomistic mechanisms is required, and
the method is effective even when more than one dissipation process occurs, which is particularly advan-
tageous in the hot processing of commercial alloys having complex microstructures. This method has been
applied to the modeling of the behavior of Ti-6242 during hot forging. The behavior of (o + g8) and B8
preform microstructures has been examined, and the results show that the 0§t1m¥m condition for hot forging
of these preforms is obtained at 927°C (1200 K) and a strain rate of 10-3 s-!. Variations in the effi-
ciency of dissipation with temperature and strain rate are correlated with the dynamic microstructural
changes occurring in the material.

INTRODUCTION
The general goals of a hot-working process such as forging are

(1) to achieve the desired gecmetry (size, shape, tolerance) of a part with adequate defect
control;

(2) to develop a controlled microstructure to yield the desired properties and in-service
performance; and

(3) to optimize the economic aspects of production, including the conservation of materials and
energy.

Many engineers continue to consider "processing" primarily in terms of goal (1) given above and consider
obtaining desired microstructures and properties to be the function of subsequent and often unrelated
post-deformation processing thermal treatments. Increasingly, with the development and use of materials
whose properties are a function of their entire processing history, it becomes necessary to consider
goals (1) and (2) simultaneously--combining shape making with microstructure control. The process
engineer of the future must use processing to control and affect trade-offs or compromises between micro-
structures, absence of defects, and geometry while also seeking the economic optimum demanded by goal (3).

Control of the microstructure during hot working requires answers to two fundamental questions:
(1) What conditions does the forming process demand that the workpiece material withstand?
(2) How does the workpiece material respond to the demands imposed by the process?

The answer to question (1) can be provided by realistically modeling the particular hot-deformation

process (for example, isothermal forging) using advanced numerical simulation methods. In recent years,

hot-forming processes have been successfully modeled using a rigid-viscoplastic finite-element method

(1,2) which predicts deformation behavior at selected points in each element (node) by application of a

variational principle. These analytical models give an admissible solution which is based upon the

initial boundary conditions which are input to the finite-element model. However, use of these simula-

tion techniques for designing and controlling real manufacturing processes requires that optimal or
desired solutions be obtained, i.e., the simulations must be realistic and adequate for the intended

application. Realistic simulations can be obtained if and only if the personality of the material

behavior under processing conditions can be input into the finite-element model of the deformation

process. Thus, the first question, which deals with defining what the process demands of the workpiece,
can be answered by process-simulation studies in the computer without prototype testing on the shop floor,
but the simulative technique cannot--in its present form--describe how the workpiece will dissipate the

applied energy.

The second question, which deals with how the workpiece material responds to the demands of the
process, can be answered only if the mechanical behavior of the workpiece material has been adequately
characterized under conditions of processing. Constitutive equations relating the flow stress to the
strain, strain-rate, and temperature are generally used to input material behavior to the finite-element
model. They are experimentally evaluated using mechanical testing techniques (3) and are represented
either in the form of empirical rate equations (4) which aid in identification of the specific atomistic
rate-controlling mechanisms or in the form of simple algebraic equations (5) which are easy to use in
process modeling. Neither of these forms used to represent the mechanical behavior under conditions of
processing is sufficient for describing the response of the material to the demands of the process.

Another material-behavior model is required for describing how the workpiece will dissipate the

instantaneous power applied to it by the process. For example, the forging press will provide instan-
taneous power to the workpiece in the amount described by the equation

ge = c]é] + 02é2 + c3é3 1]
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where o is the effective stress, E the effective strain-rate, and the terms on the right-hand side are
the products of principal stress and principal strain rate.

The workpiece will dissipate the instantaneous power supplied by the mechanical system by a metal-
lurgical process which is commensurate with the power level supplied. For example, fracture processes
dissipate energy efficiently when the energy is supplied at a very high rate. Metallurgical processes
such as superplastic flow dissipate energy with equal efficiency, but the energy must be supplied by the
mechanical system at a Tower and more controlled rate in order to make this deformation process possible.
Thus, to control microstructures and avoid defect generation, a new type of material-behavior model must
be developed which describes how the workpiece dissipates power to satisfy the demands of the process.
The new model must provide information which is consistent with the unifying aspects of the finite-
element model in such a way that it can become a nonholonomic constraint in the finite-element model for
obtaining optimal solutions.

A new approach to describing material behavior under conditions of processing is called dynamic
material modeling. It is an outgrowth of constitutive-equation development and is based on theoretical
principles stemming from the analysis of physical systems and irreversible thermodynamics of metallurgi-
cal systems. It will be shown in this paper that the dynamic material model accurately describes the
influence of prior processing history on the material behavior during processing and that the concepts
can be applied to control microstructures in a forged product. The new model is based on understanding
the physical workings of the variational principle when a solution at a finite-element node is obtained.

The variational-principle functional ¢ for a rigid viscoplastic material is written as (5)

b= JE(E%) dv - [F o vr o ds 4 L[ K(g,) % [2]

where

[ E(e*) dv = work function = [ o - de

f F«V*.ds = boundary function which takes into account the

frictional force (F) and admissible velocity V*

K = large positive constant which penalizes the dilational
strain

ékk = strain-rate component

o = effective stress = flow stress

: = effective strain rate

The work function takes into account the metallurgical phenomena which occur during hot working, and
the variational and extremum principles used in the finite-element method implicitly sort them out. The
numerical method offers several admissible solutions to a given plasticity problem. It is often desirable
to arrive at a unique or optimum solution, and this is possible only if the dynamic material behavior is
incorporated explicitly into the finite-element method. The interconnective material constraints,
however, are too complicated to be written directly in algebraic form. The development of a processing
map (6,7) delineating the "safe" temperature-strain rate regimes for processing represents a major step
toward acceptable solutibtns. Often, the "safe" regime defined by these maps is still a wide area (7)
which provides several combinations of temperature and strain rate at which processing can be carried
out. In this paper a method of modeling the dynamic material behavior in terms of a parameter which
defines unique T-¢ combination(s) for hot forming is presented and applied to the hot upsetting of
Ti-6A1-2Sn-4Zr-2Mo-0.1S1 (Ti-6242) alloy--a material of interest in the dual-property disk applica-
tion {8). The hot-deformation characteristics of this alloy in relation to the microstructure (3,9-11)
have been studied earlier.

MODELING OF DYNAMIC MATERIAL BEHAVIOR

The basis for the modeling of dynamic material behavior is the unifying theme for the modeling of
physical systems, as developed by Wellstead (12); here systems are viewed as energy manipulators. In the
metal-processing system, certain elements are stores and sources of energy, while the workpiece is the
basic device for dissipating energy. The constitutive equation for the workpiece material is an analy-
tical relation describing the variation of flow stress with process variables, namely, temperature and
strain rate. This equation is an intrinsic characteristic of the workpiece material and describes the
manner in which the energy is converted at any instant into a form--usually thermal or microstructural--
which is not recoverable by the system. Thus, hot working is modeled in terms of management of several
irreversible thermodynamic processes which are controlled by the rate of energy input and subsequent
dissipation of that energy by dynamic metallurgical processes.

A typical constitutive relation for a simple dissipator is schematically represented in Fig. 1(a) in
the form of the variation of flow stress (effort) with strain rate (flow) at constant temperature and
strain. At any given strain rate, the instantaneous power P absorbed by the workpiece during plastic
flow is given by
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Fig. 1. (a) Schematic representation of G content and J co-content for workpiece having a constitutive
equation represented by curve o = f (&). Total power of dissipation is given by the rectangle.
(b) Schematic representation showing Jmax occurs when strain-rate sensitivity (m) of material
is equal to one.

€ ag
In Fig. 1(a) the areas below and above the curve are G = [ o - de (dissipator content) and J = [ ¢ + do

0 0
(dissipator co-content), respectively. The G term represents the power dissipated by plastic work, most
of which is converted into viscoplastic heat; the remaining small part is stored as lattice defects. The
dissipator power co-content J is related to the metallurgical mechanisms which occur dynamically to
dissipate power. The G content is the work function in Eq. [2], while the J co-content is a com-
plementary set in the variational procedure. The dynamic material behavior can be modeled explicitly in
terms of variations in the power co-content J with the process parameters.

Evaluation of Power Co-content J

The constitutive equation which describes the empirical relation between the flow stress o and the
strain rate e at any temperature can be expressed as

e=Ad" [4]

where A is a constant and n the stress exponent. The term n is related to the strain-rate sensitivity m
of the material as

- (Alog oy _ 1
m= (3 Tog é)T n (5]

In the hot-working range for pure metals (2), m {or n) is temperature- and strain-rate independent; but
in complicated alloy systems, it has been shown (3) to vary with temperature and strain rate.

At any given deformation temperature, J is evaluated by integrating Eq. [4] as follows:

ol 1
n+1 (6]

<
1
O—aQ
™ e
.
(=8
qQ
]
=

By combining Eqs. [4], [5], and [6], the J co-content can be related to the strain-rate sensitivity as
_og <& m
J= [71

In the above integration the strain-rate dependence of m represents the flow trajectory taken by the
system to reach the flow stress o; according to the variational principle, this is always the path which
provides the maximum dissipation co-content J ("natural" configuration) (12). From Eq. [7] the value of
J at a given temperature and strain rate may be estimated from the flow stress and the strain-rate-
sensitivity factor m. The value of J reaches its maximum (Jmax) when m = 1, and the workpiece acts as a
linear dissipator; thus,

_ g £
J = ? [8]

In this case, one-half of the power is dissipated as material flow and the other half is dissipated as
viscous heat [schematically shown in Fig. 1 (b)]. The behavior of superplastic materials approaches this
extreme. The other extreme occurs for materials which are strain-rate insensitive and those which do not
flow. In these cases J is zero.

The analogy for the above behavior is found in electrical systems where Jmax corresponds to good
electrical conductors and J = 0 corresponds to insulators. Common engineering materials processed at
high temperatures exhibit flow behavior which falls somewhere between these two extremes. These mate-
rials are analogous to resistors in electrical systems, and their flow behavior under dynamic conditions
may be characterized in terms of the J co-content. For a given power input to the system. the material
flow will be maximum when the workpiece dissipates the highest possible power through dynamic metallurgi-
cal processes, i.e., the J co-content reaches its highest value.
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The effect of J on the plastic flow of materials can be visualized if the power-dissipation capacity
of the workpiece is expressed in terms of efficiency of dissipation, n, which is defined as the ratio of
Jto o From Eqs. [7] and [8], it follows that

J 2m
n == 9]
Jmax m+ 1

In simple terms the efficiency represents the dissipating ability of the workpiece as normalized with
respect to the total power input to the system.

Several dynamic metallurgical processes contribute to power dissipation during hot working of mate-
rials, and these processes have characteristic ranges of efficiencies of dissipation. Often in materials
having complicated microstructures or in two-phase alloys, these processes occur simultaneously and/or
interactively. Thus, the evaluated value of J will be the overall result of these interactions. Metal-
lurgical processes such as dynamic recovery, dynamic recrystallization, internal fracture (void formation
or wedge cracking), dissolution or growth of particles or phases under dynamic conditions, dynamic sphe-
roidization of acicular structures, and deformation-induced phase transformation or precipitation under
dynamic conditions contribute to the changes in the dissipated power co-content J. When two major dissi-
pation processes having different characteristics occur simultaneously, the value of J will reach its
maximum when the energy of dissipation of one process equals that of the other. This is somewhat
analogous to what happens in electrical systems (13) having a variable resistor where the load power
reaches a maximum when the line and load resistances are equal. For processing of materials the most
favorable conditions are those which provide the highest J dissipated in the most efficient fashion
(highest n) and 1lie within the "safe" regions.

The power co-content J serves as the most useful index for characterizing dynamic material behavior
in processing for the following reasons:

1. It defines unique combinations of T and ¢ for processing (peak values of J and n) and also
separates the regimes which produce internal fracture.

2. Being a power term, it is an invariant and, hence, applicable to any state of stress.
3. It can be used conveniently as a non-holonomic constraint in the finite-element method.
4. 1t is a continuum parameter and can be integrated with the finite-element analysis.

5. In its estimation no specific atomistic rate-controlling mechanisms need be evaluated or
assumed, although its variation with temperature and strain rate reflects the dominating
dissipating mechanism. This aspect is advantageous, particularly when more than one mechanism
is operating during hot forming.

6. From it, an algorithm can be developed which can be incorporated into process control.
MODELING OF HOT DEFORMATION OF Ti-6242

Ti-6242 is a near-a, o + g titanium alloy whose hot-working characteristics are very sensitive to
the initial preform microstructure and processing variables. A processing technique is presently being
developed for producing a dual-property turbine disk using these characteristics to synthesize micro-
structures which result in good tensile and Tlow-cycle-fatigue properties in the bore region and good
creep and stress-rupture properties in the rim region. For evaluating the constitutive behavior of this
material, two different preform microstructures have been investigated (3): equiaxed « + 8 and acicular
a + 8 or transformed g. The first is an equilibrium microstructure of globular « in a matrix of trans-
formed g (referred to as « + g), while the second corresponds to a non-equilibrium transformed-g micro-
structure showing acicular o« in the g matrix (referred to as g microstructure hereafter). Dadras and
Thomas (3) have evaluated the relationship between the flow stress (o), temperature (T), strain rate (&),
and strain (e) for these two starting preform microstructures using a hot-compression test. At small
strain (0.04) the dependence of log o upon (1/T) was linear for the %a + g8) preform, while dual-mode or
bilinear behavior was reported for the B microstructure which exhibits a transition at about 930°C
(1203 K). The strain-rate sensitivities as obtained by the stress-relaxation technique were dependent
upon strain rate and temperature for both preform microstructures (3). These results suggest that the
thermally activated behavior of this material is complicated and cannot be characterized by the apparent
activation energy using conventional activation analysis of the hot-deformation process. In the follow-
ing discussion, the constitutive behavior of Ti-6242 has been analyzed on the basis of the dynamic
modeling method outlined earlier, and microstructural correlations have been attempted.

Hot Deformation of the (a + 8) Preform

Variation of the flow stress with strain rate and temperature for the (o + B) microstructure is
shown in Figs. 2(a) and 2(b), corresponding to straips of 0,04 and 0.6, respectively. Data reported by
Dadras and Thomas (3) (in the strain-rate range 1072 to 10-1 s=1) and tewis {14) (1 s-1) are represented
in this plot. At each test temperature and strain rate, the strain-rate sensitivity m {Eq. [5]) is
evaluated by fitting a polynomial equation to log o-vs.-log ¢ curves and obtaining the derivatives. The
m values thus obtained are shown in Figs. 3(a) and 3(b)} as a function of temperature and strain rate for
strains of 0.04 and 0.6, respectively. The instantaneous power dissipated by the material, the J co-
content, at different temperatures and strain rates of deformation is estimated using Eq. [7] and is
shown in Fig. 4. The J value decreased gradually with increasing temperature and is higher at higher
strain rates. A diffused peak is discernible at high strain rates. The efficiency of dissipation
defined by Eq. [9] is also evaluated and plotted as a function of temperature at different strain rates
in Figs. 5 and 6. Some important features of these plots are:
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1. The efficiency of power dissipation is higher at lower strain rates.

2. At each strain rate, the efficiency of power dissipation passes through a peak in the
temperature range 899-982°C (1172-1255 K).

3. At 982°C (1255 K) the efficiency of dissipation obtained at all strain rates converges.

4. At 1010°C (1283 K) the efficiency of dissipation is again strain-rate dependent, being higher at
Tower strain rates.

5.

The features described above are essentially unchanged when the strain is increased from 0.04 to
0.6, as is evident from a comparison of Figs., 5 and 6.

The efficiency of dissipation calculated from the m values obtained by Dadras and Thomas (3) from the
stress-relaxation technique is shown in Fig. 5(b) as a function of temperature at different strain rates.

These variations are in good agreement with those given by Fig. 5(a), although small differences in the
magnitudes of the individual values exist.

In the temperature range 899-982°C (1172-1255 K) (o + g field), the processing is best carried out
at 927°C (1200 K) and 1073 s-1, where the efficiency reaches its peak value (Figs. 5 and 6). As the
strain rate is increased, the efficiency of dissipation decreases and a wider range of temperature exists
for processing, the minimum temperature being 927°C (1200 K). The J variation with temperature (Fig. 4)
shows diffused peaks at 927°C (1200 K) for strain rates of 0.1 and 1 s=1; hence, a temperature of 927°C
(1200 K) is preferable for processing even at these strain rates.

The variation of efficiency of dissipation with temperature and strain rate is shown in the form of
a three-dimensional map in Fig. 7. The surface represented by these variations, although a complex one,
highlights the regimes of processing which correspond to a high efficiency of dissipation. Another
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Fig. 6. Variation of efficiency of dissipation Fig. 7. Three-dimensional plot showing varia-

through metallurgical processes with
forging temperature for Ti-6242 o + 8
preform at strain of 0.6 for different
strain rates. Typical microstructures
corresponding to particular processing
temperatures and strain rates also shown.

tion of efficiency of dissipation
with temperature and strain rate for
Ti-6242 o + g preform at 0.6 strain.

method of representing these results is shown in Fig. 8 which is a contour map of constant efficiencies.
The contour map is a two-dimensional representation of Fig. 7 and is another convenient way to locate the

processing regimes. For example, the optimum processing conditions of 927°C (1200 K) and 10-3 s-! are
striking in Fig. 8.

The metallurgical processes which are responsible for the observed variations may be identified by
examining the microstructures. Typical microstructures recorded on Ti-6242 o + g material under different

temperature and strain-rate conditions are shown in Fig. 6, with a view toward correlation with the
efficiency variations.

It is known that the g-transus for this material is at about 990°C (1263 K); and near this tempera-
ture, power dissipation occurs essentially by the phase transformation o + 8 + 8. This phase transforma-
tion produces contraction (11) and its strain-rate dependence is not very significant, as evident from
quantitative metallographic observations (9) which show that the volume percent of primary-a at 982°C
(1255 K) is nearly the same in specimens deformed at different strain rates. This accounts for the
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converging trend of dissipation curves for different strain rates at 982°C_(1255 K). Careful microstruc-
tural examination of the material deformed at 927°C {1200 K) and 10-3 s-! revealed recrystallization of
the globular-o phase in the o + g microstructure (Fig. 6). Furthermore, it has been shown by Semiatin,
et al. (9), that the primary-o content in the microstructure decreases with increasing temperature, i.e.,
o + B » g transformation occurs to a greater extent. Thus, at least two impcrtant power-dissipation
processes occur during hot deformation of o + 8 preforms--dynamic recrystallization and o + 8 + B phase
transformation. The peak in the efficiency-temperature curve represents the temperature at which the
power of dissipation (rate of energy dissipation) due to dynamic recrystallization is equal to that due
to phase transformation. On the left of the peak, dynamic recrystallization dominates; while on the
right, phase transformation is dominant. The peak is diffused over a wider temperature range when these
two processes balance their rates of energy dissipation over this range.

At 1010°C (1283 K) the material is deforming as a B phase, and the grain size is large (250-350 um)
(3,9). There is no evidence of dynamic recrystallization. On the other hand, grain-boundary sliding is
a possibility at lower strain rates and causes wedge cracking which could, in turn, also dissipate energy
with high efficiency. Dissipation by this mechanism is reduced at higher strain rates since grain-
boundary sliding is less; the data in Fig. 5(a) support this. At higher strain rates, dissipation can
occur by dynamic recovery processes. Metallographic examination of specimens deformed at 1010°C (1283 K)
and at Jow strain rates revealed the transformed-o phase in the wedge-crack or intergranular-crack morpho-
logy. This phase occurs because the specimens undergo a non-equilibrium phase transformation when air
cooled; for the thermodynamic reasons outlined earlier (11), the transformed-a preferentially forms at
sites of high tensile-hydrostatic stress.

Hot Deformation of the g Preform

Analysis similar to that described above for o + g8 preform materials has been carried out on
g-preform material also. The variation of the J co-content with test temperature for different strain
rates is shown in Fig. 9 for strains of 0.04 and 0.6. These plots are very similar to those obtained on
the o + g preform (Fig. 4). The efficiency of dissipation (Eq. [9]) is plotted as a function of tempera-
ture for different strain rates in Fig. 10. These variations are considerably different from those
obtained on the o + 8 prefgrm Figs. 5 and 6). Referring to Fig. 10(a) (strain of 0.04), when the
material is deformed at 1072 s~!, a drop in the efficieqcy of dissipation is evident at temperatures
higher than 954°C (1227 K). At higher strain rates SIO' and 1 s-1), a diffused efficiency peak occurs
between 927°C (1200 K) and 954°C {1227 K). At 10-2 s-1, however, the efficiency of dissipation increases
with an increase in temperature beyond 927°C (1200 K). Figure 10(b) shows the efficiency of dissipation
calculated from the strain-rate sensitivi?g me?sured using the stress-relaxation technique {(3). Except
for the value at 927°C (1200 K) and 10-3 s-!, the data show trends similar to those in Fig. 10(a).
The three-dimensional efficiency-temperature-strain rate map and the corresponding contour map for the
B-Ti-6242 at a strain of 0.04 are shown iT Figs. 11 and 12, respectively. The drop in the efficiency of
dissipation at 982°C (1255 K) and 10-3 s -1 is clearly revealed in these maps.

For a strain of 0.6, the efficiency variations are shown in Fig. 13; and the corresponding three-
dimensional maps and efficiency contours are shown in Figs. 14 and 15, respectively. These figures show
that two well-defined peaks occur in the temperature-strain rate regime--one at 927°C_ (1200 K% an?
10~3 s-1 and the other at 927°C (1200 K) and 1 s~!. The behavior at strain rates of 10-2 and 10-1 s-
remains the same as for Tow strains. Th? data clearly show. that optimum forging conditions for the
g-preform are 927°C (1200 K) and 10-3 s-!; and if the forging is carried out at high strain rates
(1 s='), the best temperature would still be 927°C (1200 K).
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Correlation between efficiency variations and metallurgical changes is provided in Fig. 13. The
microstructures in Fig. 13 reflect the metastable nature of the g-preform which shows a tendency toward
reaching a more stable microstructural form--the « + g structure. From the metallographic evidence
available, the large drop in efficiency at 10-3 s-1 and temperatures beyond 927°C (1200 K) (Fig. 13) is
associated with the precipitation of transformed-a from the metastable-g structure (3,9). At lower
strains this_precipitation occurs at higher temperatures (> 954°C or 1227 K) [Fig. 9(a)]. At lower strain
rates (< 10- s=1), some grain-boundary s1iding also occurs, resulting in wedge cracks and grain-boundary
cavities (11,15,16) which aid in energy dissipation. Thus, the two opposing dissipation processes are (1)
the precipitation of transformed-o (which reduces the rate of energy dissipation) and (2) wedge cracking
and grain-boundary cavitation (which increase the rate of energy dissipation). At high strain rates
{(~ 1s-1), grain-boundary sliding is minimal; while at 10-3 s-!, the precipitation of transformed-o is
more dominant than grain-boundary sliding. It is interesting to note that the transformed-o occurs at
wedge cracks and grain-boundary cavities (11) gnd this is a dynamic process in view of the metastable
nature of the g-preform microstructure., At 10-¢ s-1, wedge cracking dominates (16) at temperatures above
927°C (1200 K) and, hence, the efficiency of dissipation increases with an increase in temperature. At
899°C (1172 K) the dissipation processes involved are local kinking of g-platelets and spheroidization,
the former dominating at higher strain rates (v 1 s-!) and the latter at lower strain rates (~ 10-3 s-1).

APPLICATION OF DYNAMIC MODELING TECHNIQUES

Dynamic material-modeling techniques were applied to a hypothetical problem for producing a control-
led microstructure gradient in a subscale disk forged under isothermal conditions at approximately 927°C
at a nominal strain-rate of 5 x 102 s-1, The forging preform was designed in such a way that the
transformed-g microstructure would transform to the equiaxed « + 8 microstructure in the center region of
the disk and the transformed-g microstructure in the rim-region would remain essentially unchanged in the
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final product after heat treatment. The research objective was to obtain a microstructure in the center
region which would exhibit good low-cycle-fatigue properties, and at the same time, a microstructure in
the rim-region which would possess good fracture toughness and creep resistance. The mechanical
properties shown in Table I satisfy the requirements of the experiment to test the concept of dynamic
material modeling, and the controlled microstructures are shown in Fig. 16.

TABLE I

MECHANICAL PROPERTIES OF Ti-6242 DISKS FORGED AT 900°C (1173 K)
AND SOLUTION HEAT TREATED AT 955°C (1228 K)*

Center Region Outer Region

Room-Temperature Tensile Properties

Yield Strength, MPa 652 636

Ultimate Tensile Strength, MPa 705 668

Elongation, Pct. 7 4

Reduction in Area, Pct. 15 11
565°C Tensile Properties

Yield Strength, MPa 363 353

Ultimate Tensile Strength, MPa 438 436

Elongation, Pct. 20 22

Reduction in Area, Pct. 49 43
Time to 0.1 Pct. Creep Strain,™ Hr. 188 330
Fracture Toughness, MPa v 52 70

*Followed by aging at 595°C (868 K) for 8 hr. and air cooling.
Test Conditions: 510°C (783 K}/240 MPa.
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Fig. 16. Structural features of disk produced by selected
forging and heat treating combinations.

SUMMARY

A method of modeling dynamic material behavior which explicitly describes the dynamic metallurgical
processes occurring during hot deformation has been presented. Following a systems approach, the instan-
taneous power co-content (J) dissipated by the workpiece is evaluated by considering it to be the only
part of the total system which dissipates energy and whose constitutive equation relates stress and
strain rate. It is shown that J is related to the strain-rate sensitivity (m) of the material and
reaches a maximum value (Jpax) when m = 1, The efficiency of dissipation (J/Jpax) is @ characteristic of
the metallurgical process responsible for the dissipation and can Tead to a unique combination of
temperature and strain rate for processing and also delineate regions of internal fracture. This method
of modeling is effective even when several metallurgical processes occur simultaneously during hot
deformation, since no prior knowledge or evaluation of the atomistic mechanisms is required.

The above method has been validated by modeling Ti-6242 material during hot forging. The analysis
revealed that the optimum forgin% condition for forging both « + g and g-preform microstructures is
obtained at 927°C (1200 K) and 10-3 s-1. A good correlation between the efficiency variations and micro-
structural changes occurring during hot deformation could be established in this material. For the o +
preform, dynamic recrystallization and phase transformation are important in the temperature range
899-982°C (1172-1255 K), while at 1010°C (1283 K) dissipation at low strain rates occurs by wedge
cracking. Regarding the Bg-preform, local kinking of g-platelets, spheroidization of the acicular
structure, precipitation of transformed-o and wedge cracking have been shown to influence the efficiency
of dissipation.
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Numerical Methods in Metalforming

Nunc Rebelo

University of Oporto School of Engineering
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INTRODUETION

Metal forming processes are almost as old as mankind. Like many other branches of
technology, scientific analysis and development have accompanied their evolution. The
complexities of the theories involved, together with the amount of parameters, have,
however, precluded what was achievable in many other cases, i.e., elegant, easy-to-use
closed-form solutions or reasonably accurate equations describing the phenomena and
which can be immediately used in applicaticns.

At the very heart of metal forming analysis is the theory of plasticity. Initially
proposed late last century by von Mises and Hencky, it reached a stabilized form in the
early sixties (1), and for infinitesimal analysis only. A brief description of this
theory follows in point 2. The large deformation theory is still being developed today.

The infinitesimal theory of plasticity, simplified by discarding the elastic part
of deformation (also known as the flow theory) has produced several approximate methods
of analysis that have proved very useful in metal forming. We will present the basic
assumptions that lead to the uniform deformation method, the slab method, the upper-bound
method and the slip-line field method.

The availability of computers with relatively inexpensive, large amounts of number-
crunching capabilities fostered the development of the finite element method. Originally
used in structural analysis, it rapidly expanded into other fields, and has been applied
to metal forming analysis since the early seventies. This is the area in which most of
the recent work in this field has been done. Two schools have developed in the finite
element analysis. The first one is based on the rigid plastic approach (the flow theory)
for which the infinitesimal theory of plasticity has been sufficient. It leads to rela-
tively simple formulations which have allowed its users to attack the difficult problems
specific to metal forming applications. The second one is based on the more complete
elasto-plastic approach which almost always requires a large deformation theory of plas-
ticity. The formulations are more complicated and have followed, if not actually led to,
developments in the theory itself. Today it can simulate forming processes as intricate
as the flow approach. This lecture will end with an introduction to the fundamental con-
cepts of the finite element method.

It should be mentioned here that another numerical method recently made its appear-
ance in the metal forming field: the boundary element method. Although quite promising
for structural analysis, it is still toc soon to .judge its merits as regards its applica-
tions to metal forming plasticity.

INFINITESIMAL THEORY OF PLASTICITY

For a complete, consistent, and very elegant presentation of the infinitesimal theory
of plasticity, the reader is referred to reference (1). This paper which wraps up years
of development, shows that all the theory can be derived from three basic assumptions:

1) At any time, t, the infinitesimal deformation €. ,(x,t) can be decomposed
as a sum of £ p e

€ 1
iot) = €47 + &
an elastic partand of a plastic part.
2) A yield function (surface) in stress space exists.

3) Material is stable, i.e., any increase in deformation will not produce
a decrease in the flow stress.

We will describe the same theory herein, but in a less formal manner, stressing the
physical considerations behind it.

To begin with, there are several physically observed phenomena that are usually
ignored, such as

Influence of strain-rate on the elastic limit

Creep

Bauschinger effect

Histeresis loops

Anisotropy. Anisotropy is only usually introduced for sheet
metal forming analysis, and in most cases only for that direction
perpendicular to the plane of the sheet (r value); for the
extension of the theory to anisotropy, see Hill (2).

o0 oo



6-2

f. Size effects
g. In all rigid-plastic analysis, the elastic part of deformation.

Yield Criteria

We are searching for those stress states which will make the material yield. If we
consider that these stress states define a yield surface in stress space, it means that
any stress state inside the surface corresponds to an elastic state, and any stress
state on the surface corresponds to a plastic state.

It is known that in metals, plastic deformation is produced by dislocations which
implies that plastic deformation is incompressible, and any hidrostatic state of stress
does not produce yielding. Therefore, the yield surface must be cylindrical, with an
axis defined by ¥x = 9y = Tz.

One also concludes that only shear stresses produce yielding. Hence the most
simple yielding criteria one can devise is to say that the material will yield when the
maximum shear stress reaches a certain value.

v T
—l—%~—3 = + constant
where v} = maximum principal stress
3 = minimum principal stress

This is the Tresca yield criterium, proposed in 1864. O0One determines the value of
the constant when testing a specimen. In a tensile test,

T, = V} (yield stress)
q, =T, -0 (1)

therefore

5
I
<4
u
+
4

V} = _G; = ¥y (yield shear stress)
<(-'2=0
therefore T

One may now want to include all stress components in the yield criterium. However,
the yield or flow stress is proper to the material. This means it should not depend on
the chosen axis, and is thus a function of the stress tensor invariants only.

I. =9 +S +Y
X y z

1
I, = (T +9 9 +99.) +C R z s 2
2 - Xy y z z X Xy yz Gzx
13 = q} zxy Gxz
Cxy Ty &yz
Txz Tyz Yz

As hidrostatic stress does not cause yield, one may consider the deviatoric stresses

d'i = W} -p p = average stress

and a function of its invariants Jl, JZ’ 33, where Jl = 0. We should then define the
yield surface as

f(J 33) = constant

29
The most simple form one can think of is

32 = constant

which is the von Mises criterium proposed in 1913. This can be written in the general
form,

2 2 2 2 2 2
E’Tx —Ty) + (ﬁ;—Q‘Z) + (V- )"+ 6 (zxy *'gyz +zzx)] =leonstant
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Again, in a tensile test

=V, v =Y = S = =
v; Yy z Zay Z@z E&x g

2V}2 = constant

or

V2
1 2 2 2 2 2 2
e [(vx R A LIS WP )] = 6,

In a torsion test

V2
1 2 2 2 2 2 2
JTZ: [(rx - T‘y) + (vy -«rz) + (-rZ —vx) + eczxy +zyz +Z,, )] = ﬁzy (4)

What the expressions (1) and (4) mean is, that if we determine the yield surface say,
with .a tensile test, then the two criteria will not predict yielding at the same point
in torsion, or vice-versa.

The left-hand side of equation (3) is commonly represented by ¥ and known as effec-
tive stress or equivalent stress. It is the combination of the stress components that
indicates how close the stress state is to the yield surface, or that which is equivalent
to the uniaxial test.

I1f we accept that material is stable, then the yield surface must be convex. Other-
wise it would be possible to have changes in plastic state (plastic deformation) with a
decrease in the equivalent stress.

If one represents the yield surfaces in a principal stress space, seen from the
Vl = TZ = T3 axis, one obtains the following representation. (Figure 1)

The Tresca yield surface is the inner hexagon, and the von Mises yield surface is
the circle.

Isotropy and absence of the Bauschinger effect impose symmetry with respect to the
six lines represented. Convexity requires that all admissible yield surfaces be between
the Tresca hexagon and the outer hexagon. The von Mises yield criterium follows experi-
ments pretty well, and there is no point in further complicating the theory, with such
close limits.

Work Hardening

Consider that after yielding, there was a small amount of plastic deformation d&P.
Upon unloading and loading again, the yield surface may have been altered (hardeningj and
oy = g(dgp). As the plastic deformation keeps volume constant, one would expect g to be
a function of the shear components of deformation.

It has been shown experimentally that anything can happen to the yield surface upon
plastic deformation. Material parameters play a role, the path of deformation is very
important, and anisotropy usually develops in the material after it has been plastically
deformed. There are several theories in the literature as to how to take the various
phenomena into account. These, however, are usually hard to handle in applications, and
the great majority of the analysis is made with the so-called isotropic hardening. This
means that the effect of plastic deformation on the yield surface is its isotropic
expansion.

As the effective stress becomes the scalar "measure" of the stress tensor, a similar
effective strain increment can be defined as an isotropic combination of shear-like
terms in the strain increments.

o8l = @ [j(dez - dsS)2 + (des - d&Z)2 + (daz - de.z)2 +
3

3 p 2
2 (db’xy +d‘2 + dlfP 2)] V2
yz zX

the factor —%— was conveniently chosen so that dé = de in a uniaxial test.
In isotropic hardening we then have,

TY = g(d&)
As the plastic deformation proceeds, one cannot calculate & out of the comonents of
In fact, one can always recover any original shape after some plastic deformation, by
imposing some more appropriate plastic deformation. Therefore, the components of £F have

no meaning other than an overall change in geometry. The real amount of plastic defor-
mation is measured by integrating dZ which is always positive.

E = JHE

&P
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After a finite amount of deformation
Ty = g(&)
and the yield surface is defined by
o = g(&)
with its expansion following the uniaxial stress strain curve as shown in Figure 2.

2.3 Plastic Deformation

The permanent character of plastic deformation, and the fact that unlike in elasti-
city, one can obtain a certain configuration via an infinite variation of the amounts of
plastic deformation, lead us to conclude that a state of stress only provides information
for the increment of strain which it produces. In order to obtain the components of such
strain increments, we start with the two following physically acceptable assumptions:

a) The principal stress directions coincide with the principal strain
increment directions;

b) The principal shear components of strain increment are proportional
to the principal shear stress components;

from which one can conclude:

P p P P P P
e dez oiE8 | L dﬂy/z = _dxxz/Z = dKyz/z = dd
] 1 ]
T x Ty qz G xy Txz Zyz

By inserting these 6 equations in the definition of d& , one obtains:

dE = dd &

2
3

and the 6 equations become:

P
dlsx = g [v.x -1 (Ty +vz)] (5)
= 2
P 5
@ = d E.—y -1 (7, +7,)] (6)
= .
P" o =
e, = d& [q-z -1 (TX +q—y)] o)
T
dlfxs - d€ 3%, (8)
.
db’yz =) g_g, ZZYZ (9)
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