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ABSTRACT

The effect of the surface layer on the mechanical
behavior of metals is discussed. There is a considerable
body of experimental evidence to show that, even in uni-
axially deformed specimens, the work hardening is not

uniform throughout the cross-section. Rather, the work
hardening characteristics of a surface layer that extends
approximately 100 'm differs considerably from the work
hardening characteristics of the interior. The surface
layer is shown to have a very large influence on the stress-
strain behavior as well as the creep, fatigue and stress-
corrosion resistance. The effect of the surface layer on
the activation energy and activation volume is discussed.

The experimental evidence on polycrystalline metals indicates
that in high and low temperature creep, fatigue, stress
corrosion and tensile deformation, the dislocation sources

near free surfaces operate at lower stresses and more profusely
than those in the interior.

As measured by X-ray diffraction line profile analysis,
the dislocation density in the surface layer, Ps, and in
the interior, i, increases during fatigue cycling and
stresscorrosion exposure, However, ps >pi up to fracture;

at fracture ps=Pi. The ratio pi/p may be used as a
measure of fatigue and stress-corrosion damage. During
high temperature creep, T>Tm/2, and ps>pi; however, P5
increases with creep stiain while pi remains constant.

(,The influence of environment on the mechanical behavior
appears to be associated with surface layer Hostile

environments that cause decrease in crack pr pagation
also increase the dislocation density in the urface layer.

ADMINISTRATIVE INFORMATION

This investigation is part of an in-house research program at the David W.

Taylor Naval Ship Research and Development Center. It was conducted under

Task ZROOO-01-01, work unit 2802-014.

METRIC EQUIVALENCE

United States customary units have been used in this report. The following

conversion factors can be used to obtain the equivalent value in the International

System (S1) units.



Metric to U.S. Customary Conversions

1 centimeter (cm) = 0.3934 inches (in)

1 MegaPascal (MPa) = 1.89 x 106 pounds/square inch (psi)

Temperature, degree celsius (0 C) = 0.555 (0 F-32)

- Joule (J) = 4.190 Calories (Cal)

1 Newton (N) = 10- 5 dynes (dy)

1 MegaPascal (MPa) = 1 Newton/square meter

mm Hg = Torr

INTRODUCTION

The Goal of Research is "Truth," but "Truth"

is not Invariant, it is a Series of Paradigms

In basic and applied investigations relative to the plastic deformation and

fracture of materials, it is important to consider the role of the surface layer.

It is quite clear that the generation and mobility of dislocations in the region

of a surface can exert a major, and sometimes a controlling, role in fatigue, creep,

and stress-corrosion cracking, as well as on the plastic flow behavior of metals in

general. In early investigations, it was generally believed that the surface

itself or the oxide films on the surface affected the resistance to plastic flow.

The earliest work on the effect of thin films of oxide on the mechanical behavior of

metals seems to be that of Roscoe,' who in 1934 found that an oxide film less than

20 atoms thick on cadmium crystals increased the initial flow stress by 50%. An

increase in the thickness of the oxide film to approximately 1200 atoms increased

this stress by nearly 100%. Later a number of other investigators studied the

effect of oxide coatings. Cottrell and Gibbons,2 in confirmation of Roscoe's

results, reported that the presence of a thin oxide film on cadmium crystals free

from nitrogen increased the critical resolved shear stress from 12 to 30 g/cm. 2

Harper and Cottrell 3 obtained similar results on zinc crystals that had been

oxidized with steam. Takamura4 determined the behavior of aluminum crystals with

different thicknesses of oxide films. According to these results, the critical

resolved shear stress changed from 76 to 174 g/mm 2 when the oxide thickness was

increased from 100 A to 500 A
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In 1932, Gough and Sopwith 5 reported that the fatigue life of metals was

increased when the tests were conducted at 10- 3 torr. The endurance limit of

lead was more than doubled, and for copper and brass it was increased 13% and 26%,

respectively. The increase in the fatigue life was found to be associated with a

reduction of oxygen and water vapor.6 ,7 Wadsworth,8 confirming these observations,

found the fatigue life of copper and aluminum was increased by a factor of 20 and

10, respectively, but the fatigue life of gold was unaffected. The effect of

reduced pressure on the fatigue behavior of aluminum was reported to be associated

with a decrease in the rate of propagation of cracks, but the number of cycles re-

quired for the initiation of cracks was the same whether the specimens were tested

in vacuum or in air.9  Snowden,lO,1 1 with Greenwood, 12 found that the surface of the

lead specimens cycled at 5 X 10- 3 torr had, in addition to an appreciable increase

in fatigue life, a much greater number of slip markings and deep furrows than those

cycled at atmospheric pressures. Apparently, a large number of incipient cracks

developed but failed to propagate.

In 1936, Rehbinder 13 reported that surface-active agents exerted a large effect

on the mechanical behavior of single crystals. Rehbinder and associates 14- 18 re-

ported that the creep rate was increased and the yield strength was decreased when

specimens were deformed in nonpolar solutions containing polar molecules. The

weakening effect of the surface-active agents occurred over a restricted range of

compositions that appeared to be dependent on the metal and the specific polar

molecule involved. An example of the influence of concentration on the plastic

deformation of single crystals is shown in Figure 1. These investigators suggested

that the weakening effect was caused by a decrease in the surface energy associated

with the adsorption of the polar molecules. This topic will be discussed in more

detail later.

SURFACE LAYER

The existence of a surface layer that has been work hardened to a different

degree than the bulk material has been satisfactorily demonstrated by mechanical

measurements, by X-ray diffraction measurement, and by electron transmission

observations. In early work the existence of a surface layer was shown by noting

the change in the mechanical behavior of single and polycrystalline metals when

the surface was removed continuously by electrochemical polishing during the
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tensile deformation and by noting the decrease in the stress at which plastic strain

was initiated after the surface layer was removed from previously strained

specimens.19,20 The data in Figure 2 demonstrate that the change in the work harden-

ing was caused by removing the surface layer at various rates. The work hardening

decreases with the rate of metal removal. The curve for Figure 3 is typical of

specimens that are strained and the surface layer removed before restraining. As

shown, the initial flow stress upon reloading is less than of the unloading stress.

The difference between the unloading stress and the stress at which plastic flow

begins after the surface layer is removed in terms of Kramer's high work-hardening

surface layer concept is defined as the surface layer stress. According to

Kramer, 2 1- 2 3 the surface layer stress is defined as the additional stress that must

be applied because of the additional work-hardening in the surface layer.

Some of the earliest observations of the surface layer were by T. Suzuki 24 and

Mendelson 25 on KCI crystals using a birefrigement technique. For these uniaxially

strained crystals, the birefrigement was largest at the surface and decreased

gradually with distance from the surface. At a depth greater than about 50 P m the

amount of birefringement remained constant. X-ray observations have also been used

to investigate the work hardening in the surface layer. Sumino 20 and Kramer 26 using

Laue back reflection X-ray techniques for single crystals of iron and aluminum,

respectively, strained in Stage II found that the spots broadened. However, when the

surface layer was removed by electropolishing the spots became very sharp, indicating

that there is a higher dislocation density in the surface region than in the

interior. From etch pit measurements, Kitajima27 reported that the dislocation

density of strained copper single crystals was highest at the surface and decreased

to a constant value after a depth of about 50 to 100 Wm. In contrast, Block and

Johnson,28 ostensibly using the same technique as Kitajima, reported that the dis-

location density was uniform through the cross section of strained copper crystals.

Again, in contrast, Vellaikal and Washburn2 9 found by etch pit measurements on

polycrystalline copper that the dislocation density was higher at the surface region

than in the bulk. At low strains, only the surface grains were deformed, and these

authors concluded that the initial dislocation sources activated were at or near the

surface and not in the interior. Using an Fe-3% Si alloy strained 1.0% and 1.5%,

Kramer and Balasubraminian, 30 noted that the dislocation etch pit density decreased

with distance from the surface and after a distance of about 100 pm, the density was

constant. Accompanying these dislocation density pit measurements were observations

4
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of the reappearances of slip bands as a function of stress reapplied after the re-

* moval of various amounts of metal from previously strained specimens. In this case,

the threshold stress as measured by the appearance of the slip bands decreased with

distance from the surface and was constant after about 125 Pm (Figure 4). These

observations also indicated that dislocation sources were at or near the surface.

As will be discussed in more detail later, caution must be exercised in drawing

conclusions derived from direct observations of the dislocations within the surface

layer by transmission electron microscopy (TEM) or etch pits. These observations can

be misleading because of the rapid recovery of the surface layer. This recovery or

loss of dislocations occurs in large specimens and certainly in thin films required

for TEM observations.

Transmission electron microscopic observations have been made by a number of

investigations on pure iron, 3 1 on Fe-3.2% Si, 32 and on aluminum single crystals. 3 3

In general a higher dislocation density in the surface layer than in the interior

has been reported. However, Swann 34 reported that the dislocation arrangement and

density were the same as those in the interior of strained copper crystals; Fourie 35

and Mughrahi36 reported that the arrangement of dislocations near the surface was

characteristic of Stage I deformation and the interior arrangement of Stage I

deformation. In contrast, Vol'shakov and Orlov 32 strained specimens of Fe-3.2% Si

to 0.5% and 1.0% and reported that the surface layer contained long, fairly straight

dislocations as well as short segments inclined at an angle to the foil surface. No

jogs or prismatic loops were observed and the Burgers vectors of the dislocation had

the same sign. The interior contained a large number of extended dislocation loops

as well as individual dislocation segments of edge or mixed orientation. The exist-

ance of a large number of prismatic loops in the interior indicated to these investi-

gators that the dislocation had traveled a comparatively long path in the crystal,

and they concluded that plastic flow originated at the surface or close to it and

extended into the depth of the crystal.

Goritskii et al. 31 made TEM observations on metals in which the dislocations are

strongly pinned. They used commercially pure iron fatigued at 200 and -195' C at a

stress amplitude above and below the yield stress. They reported that for the 20°

fatiguing treatment the dislocation density in the surface region is much greater

than that in the interior. In the surface region the dislocations formed a dense

concentration characteristic of a fine mesh structure. In the interior the disloca-

tions array is also nonuniform but are more "crystallographic." At low temperatures
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(-1950 C) the difference between the surface region and the Interior ,i ltt iti ws

array increases. In the interior, long straight isolated sections ;nd nrrw lip) 1 is

of screw dislocations are found. In the surface layer region, the ,i ;I ,clti .i' rr.v

is somewhat similar to that observed at 200 C. These observations are in ty,,rt.-,71kt

with those of Chodkowski and Well.
3 7

While most of the information cited above tends to support the comncepts that

the surface layer work hardens to a greater extent than the intrior, Fotirii38, i

reported that the surface layer work hardens to a lesser extent. This concl,,sion is

based on the comparison of the flow stress of specimens about I) ur thick ti at Lad

been cut from a strained single crystal of copper. lie reported that the critical

resolved shear stress of the specimens taken from the surface relion was lower tha'i

that of specimens cut from the interior. The depth of the soft layer was reported

to be 3000 urn. Nabarro 4 0 discussed the evidence and models for the hard and soft

layers in a review paper and so this topic will not be covered here.

SLIP BAND OBSERVATIONS

The influence of removing the surface layer during plastic deformation to de-

crease the slope of the stress strain curve appears to be associated with the removal

of dislocation barriers at the surface rather than the generation of surface sources.

If surface sources are the dominating factor it is expected that the slip bands of

specimens deformed while being electrochemically polished would be more closely

spaced and narrower because new surface sources would be generated continuously.

It could be argued 21 that when a source stops operating because of the back stress

imposed upon it more sources could be made available by the removal of the surface

layer. On the other hand, if the operation of a nearsurface source is impeded by

the build-up of dislocations between the source and the surface, then it follows

that the back stress imposed by the dislocations is reduced by the surface removal

operation. The data in Table 1 seem to favor the concept that near-surface sources

operate rather than the concept that more surface sources form.

%,
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TABLE I - COMPARISON OF SLIP-BAND SPACING OF ALUMINUM
SPECIMENS WITH AND WITHOUT SURFACE REMOVAL DURING

DEFORMATION [From Reference 21.]

Temperature 3'C; E =10 - 5 see - 1; R = 35 X 10- 5 in/min

Surface Removed Surface Not Removed
q .Shear Shear

Strain, Bands Strain, Bands
Stage % per cm Stage % per cm

d1 1.37 50 I 0.58 104

It 2.0 100 II 1.73 608
II 3.4 340

These data from strained single crystals of high purity aluminum show that the slip

bands are more widely spaced and broader for specimens pulled while the surface is

removed than those strained without the removal treatment.21 Later Latanision and

Staehle 41 observed similar effects on nickel single crystals. The investigators

observed that on nickel crystals which are continuously electopolished during

deformation, the slip lines are also deep and widely spaced.

X-RAY INVESTIGATIONS

The surface layer has also been studied by X-ray diffraction. It is well known

that the integral breadth or half width of a diffraction peak increases with an

increase in the dislocation density. According to Hirsch,4 2 the relationship

between the excess dislocation and the integral breadth or half-width 6, assuming a

random distribution so that there is a 50 % change for two dislocations of the same

sign being adjacent to one another, may be written for the upper limit as:

i ' ~p =  62( )

9 b
2

where p is the dislocation density of one sign (excess dislocations) and b is the

A# magnitude of the Burgers vector. The data in Figure 5, obtained from an X-ray double

crystal diffractometer, show the distribution of excess dislocations p with depth
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from the surface of single crystals of aluminum, silicon and gold. 4 3 The p value'

as a function of depth were determined after electrochemical removal of portions of

the surface layer. The distribution of dislocations in these uniaxially strained

specimens appears to follow an exponential relationship proposed by Belykh et al. 44

These investigators reported that for Na and K chloride crystals with ground

surfaces the dislocation-depth distribution was:

ln[(px/pi)-l] = ln[(ps-pi)-l]-kx (2)

where ps is the dislocation density at the surface, pi is the constant dislocation

density established in the interior, and x is the distance from the surface. The

dislocation-distance distribution (Figure 6) of the strained gold, aluminum and

silicon crystals follows this relationship.4 2  The slope, k, of the curves is equal

to a value of 2.8 X 104 m-1 . Belykh et al. 4 4 reported k values of 3.9 X 104 and

1.7 X 104 for two NaCl crystals. This relationship describing the exponential

distribution of strained metals appears to be valid for a number of metals. On
1/2

the basis that a a p 1  a calculation of p from the surface layer stress-depth

profile led to k value ranging between 2 to 3 X 104 m-1  for aluminum single crys-

tals, Fe - 3% Si, Armco iron and the initial portion of fatigued 2024 aluminum

alloys. In all these cases, the k value remained fairly constant while the

intercept at x = 0 increased with strain. The data in Table 2 give the k values

and the intercept for several metals.

In viewing the surface layer conceptually, it is unlikely that the layer covers

the specimen uniformly, similar to a banana skin. Rather, the amount of work harden-

ing varies according to the orientation of the surface grains and its neighbors.

Further, a surface layer should form at any free surface as in the case of a void or

%at an inclusion interface that may be at an internal site. Further, it is expected

that the work hardening in the surface layer would be quite different in the vicinity

of the grain boundaries than in the interior of the grain.

'e'
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TABLE 2- DISLOCATION DENSITY- DEPTH RELAT[ONSPH P

ACCORDING TO EQUATION 2

Metal Strain k(10 4 m) Intercept Reference

Au (S.C.)* 0.03 2.8 43

Al (S.C.) 0.075 2.0 0.41 22

Al (S.C.) 0.21 2.0 0.89 22

Al (S.C.) 0.01 2.8 43

Armco Fe 0.036 to 2.3 45
0.195

Fe-3% Si 0.01 3.0 5.0 30

Si(S.C.) 0.06 2.8

2024 (Fatigued) 3.0 3.5 43

*Single crystal

RELAXATION OF SURFACE LAYER STRESS

The surface layer is often not stable and can relax rather rapidly even at room

temperature for some metals. In these cases unless the dislocations in the surface

layer are strongly pinned, relaxation can occur at relatively low temperatures. 26,4 6

The rate of relaxation of the surface layer may be measured by determining, as a

*" function of time, the difference Ao between the unloading stress and the initial

flow stress upon reloading. It was found that the value of Ao after complete

relaxation was equal to Au measured by the surface layer removal method.26,46 During

the relaxation period, the length of the specimen changed in a direction opposite to

that of the initial strain: when the specimen was pulled in tension, it shortened

during relaxation; when the initial strain was compressive, the specimen lengthened

during relaxation. These observations indicate that an excess dislocation of one

sign is present in the surface layer. An interesting observation concerning the

relaxation of the surface layer is that upon reloading after eliminating the surface

layer, the stress-strain curve always joins that of the extension of the original

stress-strain curve. If, however, the temperature is high enough to cause relaxation

in the bulk material, the stress-strain curve upon reloading falls below the exten-

sion of the initial portion of the stress-strain curve. This relaxation behavior is

the same as that for ortho and meta recovery reported by Cherian et al. 4 7

9



2. F

The rates of relaxation of the surface layer stress, plotted on a log-log, hasis

for aluminum, copper, and titanium (6AI-4V) are shown in Figure 7.48 Tt is seen

that complete elimination of the surface layer nay occur in relatively short times.

The surface layer relaxes completely in high purity polycrystalline aluminum in

about 4 hr, and in approximately 1 hr for titanium (6AI-4V) and 50 hr for OF11C copper

(Figure 7). It should be reemphasized that failure to take into account the rate of

relaxation of the surface layer can lead to erroneous observations in experiments

concerned with dislocation distribution as a function of depth from the surface and

in other experiments involving long waiting periods between the straining of specimens

and final measurements.

The rate of relaxation of the surface layer appears to be extraordinarily fast

when viewed in terms of the activation energy for the motion of dislocations in the

bulk. To account for this high rate, a number of relaxation measurements were made

on OFHC copper at temperatures of 295, 340, and 2950 K. It was assumed that the

P.
rate of relaxation followed first order kinetics:

do s  (3)
= -ko s

dt

and therefor as = 0 s(O)ekt (4)

where a. is the surface layer stress at time t, a (0) the surface layer stress at

t = 0, and k is the reaction rate constant. The data for the relaxation of copper

297' K shown in Figure 8 follows the relationship given in Equation (4). There are

two distinct regions in the curves; the reaction rate constant for the faster reaction

is approximately 17 times greater than that for the slower one. A plot of the

reaction rate constant k with respect to the reciprocal of the temperature gives an

apparent activation energy of 3340 calories per mole (Figure 9). From the activation

49
volume, V, determined by the strain rate change technique, and taking Uo = 26,000

calories per mole in the relationship:

U = Uo - VT* (5)

T* was found to be 1130 psi. This value for T* is the same as that measured

for t* where

s = 0.435 T s .

10
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Thus, the high rate of relaxation of the surface layer nay he explained in terms of

the decrease in the apparent activat'on energy caused by the additional force

imposed by the stress field in the surface layer.

The environment plays a very significant role in the rate of relaxation of the

surface layer. 4 8 The rate of relaxation increases when the specimens are revnxed at

reduced pressure and drastically decreases when relaxed in a medium that induces

stress stress corrosion cracking. The rate of relaxation of high purity aluminum

(99.997%) strained and allowed to relax at pressure of 2.5 X 10 - 5 torr is somewhat

more rapid than specimens strained equal amounts and allowed to relax in air at atmos-

pheric pressure4q (Figure 10). For copper (OFIC) strained and relaxed in a corrosive

solution of cupric nitrate-ammonium hydroxide that promotes stress-corrosion

cracking, the time required for complete relaxation of the surface layer is about

1000 hr, compared to 50 hr in air.48 When titanium (6AI-4V) is allowed to relax in

a methanol-hydrochloric acid solution, complete relaxation occurs in 1500 hr,

compared to I hr in air (Figure 11).

ACTIVATION ENERGY AND OLlPME

Since the work hardening characteristics of the surface layer differ from those

in the interior, the apparent activation energy for plastic deformation and the

activation volume are expected to be different and has been investigated on specimens

of high purity Al (99.97%), Cu (99.999%) and on Au (99.999%), a material without

an oxide film. 4 9  The change in the apparent activation energy AU, as affected by the

surface layer, has been determined by two methods. 48 In one method All was measured bv

determining the change in the creep rate y when the temperature was increased 5"C

while the surface layer was being removed by electrochemical polishing. The values

for U may be calculated from the well known relationship:

(k~ny 1/y2)
i = _(6)

1 _ 1

T 2  T2

In another method, AU was determined by measuring the creep rate change as a

function of the change in the rate of metal removal. In this case:

AU = ktkn(ya/yb) (7)

11
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where the subscripts refer to the rate of metal removal. Wi t h titls exp,,r i Itcwt 1

technique the ALI values are a function of metl removal rate and airt, t11 0It u yr

incre::nental and decremental changes in the current dens it.

The effect of surface removal on the apparent activ.atiion enerpv, 1' , I I niT i111it

single crystals is shown in Figure 12. For specimens that are tiot poIi -ihe!t Puril.

the creep tests, the average activation-energy value is 420) calories per ", I ',I

the shear strain, y, does not exceed 4 Y and 24,80() calories per mot,, when i

greater than 7.5 7. Lytton et al.50 obtained vilues of 34M) cal r ies per lnlt! :it

strains less than 13% and 28,000 calories per mole at strains ireater than _S . Itt

U values for a constant polishing rate are independent of sLrain and dec'rease c(tft itt-

uousIy as the rate of removal of the metal increases. For spec i mens te ttor (ti ItL t it

lower strains, the activation energy is 4200 calories per mole when R is zer itti

920 calories per mole when R is 50 X 10- 5 in. per min. Shown in Figure 13 is the

agreement of the values of U as a function of the rate of metal remo\a] when thl,

measurements are made by changing the temperature of the specimen as compa red with

those obtained by changing the current density of the polishing bath.

The activation energy of high-purity polycrystalline aluminum (99.997 fl .lst

changed as a function of the rate of metal removal (Figure 14). The AU at a given

polishing rate is the same for the polycrystalline specimens as it is for the siale

crystals.

The activation energy of gold and copper is also influenced by the surface

layer. As shown in Table 3, the apparent activation energy as determined by the temp-

erature change method for gold and copper is 21 ,960 +276o and 27,6() +3851) calories

per mole, respectively. Landon et al. 5 1 reported a value of 27,000 calories per mole

for copper. The activation energy for gold is reported 5 0 to be 30,000 +11 ,f(h

calories per mole. The activation energy for polycrystal line aluminum was dettrni net

to be 33,000 +2000 calories per mole, which compares favorably with 34,500) calries

per mole reported elsewhere. 52 Unlike single crystals of aluminum, the activation

energy for gold and copper remains constant as a function of strains (Table 3).

12



TABLE 3 - ACTIVATION ENERGY OF GOLD AND COPPER
SINGLE CRYSTAL [FROM REFERENCE 491

Temperature, Temperature,

Gold, Au-119 285 to 295 K Copper, Cu-109 285 to 295 K
Apparent Apparent

Activation Shear Activation Shear
Energy, U Strain, Energy, U Stain,
Calories y (%) Calories y (5)
per mole per mole

19,000 0.25 23,000 0.56

25,400 1.34 25,800 0.79

20,600 1.93 25,900 0.82

25,100 1.95 22,200 0.99

21,200 2.44 23,800 1.52

22,400 2.98 30,500 1.86

17,600 3.01 27,700 2.06

17,100 3.05 23,800 2.19

20,200 3.49 31,100 2.40

23,100 3.51 33,700 2.41

24,000 3.88 36,600 2.46

24,500 5.02 34,400 2.47

25,500 5.03 23,300 2.82

22,200 5.64 27,800 2.85

25,500 5.65 24,800 3.31

19,400 6.18 (27,600 + 3850 Avg.)

18,500 6.34

23,600 6.83

23,700 6.98

24,700 7.16

19,000 7.28

17,600 7.31

16,300 7.48

25,900 7.97

26,800 7.98

(21,960 +2759 Avg.)

13
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The change in activation energy as a function of the rate of metal removal for

S. aluminum, copper, and gold is given in Figure 15. It is seen that the effect of

surface removal is largest for aluminum and smallest for gold.

In Figure 16 the effect on the activation volume of removing the surface layers

at various rates is given in terms of V/kT, where V is the activation volume.

"  The value for B was calculated from Equation (8)

V
kt = Akn Y/ATa (8)

where ATa is the change in the applied shear stress which occurred when the

strain rate was changed suddenly. When this method for determining the activated

volume, as shown in Figure 16, the values for increases with the rate of metal

removal.

The effect of completely removing the surface layer on the activation volume is

shown in Figure 17, where curve A is the final portion of a curve determined without

any attempt to remove the surface layer. After a relaxation period of 61 days, the B

value increased from 0.072 to 0.09 (curve B). With further straining in air, the

* .value for B decreases rapidly. Curve C was obtained immediately after the cross-

*' - section had been reduced 0.0043 in. by electrolytic polishing. In this case B

measured at a strain 0.1 % larger than the last point of curve B, was 0.088 and the

., curve is parallel to that of curve C. Thus, removal of the surface layer produces

the same effect on the activation volume as a prolonged relaxation treatment at room

temperature. It indicates that the relaxation which occurs at low temperature is

associated with the work hardening of the surface regions.

The activation volume of copper single crystals is not uniform throughout the

cross-section of specimens deformed to various strains.5 3  As with the behavior of

.- polycrystalline aluminum, gold, and copper, the activation volume increases when the

measurements are conducted while the surface layer is being removed. 5 3 The measure-

ments of the dislocation density by etch pits on the single crystals by Kitajima are

in accord with activation volume observations. In this case also, the etch pit

density decreases with distance from the surface.

..
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SURFACE LAYER EFFECTS ON PLASTIC DEFORMATION

if a specimen is strained in tension while the surface is being removed tile
work-hardening characteristics are altered. 54 The extent and slope of Stages I and

v1, as well as the stress at which Stage [II begins, and the work hardening rate are

influenced by the rate of metal removal (Figures 18 and 19) for single crystals of

high purity aluminum strained at -3' C. The slope of Stage 1, 01, decreases for this

crystal from about 7500 psi to 3000 psi when the rate of metal removed by electrolytic

polishing increases from 0 to 50 X 10 in/min. The extent of Stage I £2 increases

from 0.8 to 1.65. Similar changes occur in Stage II. The slope, e2, decreases from

13 X 103 psi to 10 X 103 psi while the extent £3 increases from 2.75 to 4.25. In

these and other similar experiments the temperature increase during the electrolytic

polishing operation was less than 5' C. The plastic deformation characteristics of

polycrystalline metals are also influenced by the surface layer. The effect of

removing the surface layer during the tensile deformation of a commercial type aluminum

(1100-0) is shown in Figure 20 by the change in the work hardening with and without

removal of the surface layer. In these experiments specimens were strained at e = 10- 5

sec - 1 while the rate of metal removal R was 25 X 10- 5 in/min. Compared to the case when

R = 0 the flow stress and the work-hardening rate are decreased. When R is reduced to

zero, the work hardening increases and curve tends to be parallel to that of the

specimen strained at R = 0. The effect of the surface layer on mechanictl behavior of

polycrystalline metals can be rather impressive, as seen when the current of the

electrolytic polishing bath is changed suddenly during the straining (Figure 21). In

this case, which is typical of complex alloy-like Al 2024-T6, steels, copper alloys,

and titanium alloy, the work hardening decreases as a function of the rate of removal.

Of interest is the observation that a large drop in load occurs when the current is

changed from a low to a high value. This load drop has been termed a "dislocation

pop-out '54 and is most probably the same as that observed by Barrett 5 5 in his abnormal

anelastic experiments. Barrett found that during the untwisting of a wire that had

been plastically strained initially the wire twisted in the reverse direction when the

specimen surface was dissolved by the introduction of an acid into the system. Only

metals with a strong oxide film appear to display the "pop-out" phenomenum. Extensive

expertments using single and polycrystalline gold failed to reveal thin sudden drop in

the load when the current was increased. 54 The work-hardening of the gold was de-

creased, however, by removing the surface layer during the straining but a pop-out was

not observed. The pop-out phenomenon is most probably due to a sudden release of

dislocations of like sign to cause a rapid elongation of the specimen.

15
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The effect of the rate of removal on the slope of Stag.es I and I I for .iimi num

crystals (Figure 22), of the same orientation but of different size, is given in Table

4 and Figure 23. The changes in 01 as a function of polishing rate are the ;ame r'-

gardless of the size of the crystal. However, this is not the case for 6.,. The valme

of d02/dR is nearly the same for the same size crystals but increases by a factor of

of 2.2 when the cross-section of the specimens is increased by a factor of 2.1.

TABLE 4 - THE CHANGE OF SLOPE IN STAGES I AND 1i AS A FUNCTION OF RATE
OF METAL REMOVAL, R, FOR VARIOUS SIZE SPECIMENS; [From Reference 211

TEMPERATURE 3- C £ =10 - 5 sec -'

d X I0- dO2 X 10
:-.-.:dR dR

Aluminum
Crystal Nominal Cross Section Thickness

1/8 in. 1/4 in. 1/2 in. 1/8 in. 1/4 in.

Crystal
115 850 860 860 900 2000
116 1100 1200 --- 870 2000
117 1000 1100 950

The experimental data observed when the surface layer is removed during the

plastic deformation may be explained in terms of a surface layer that impedes the

motion and affects the generation of dislocation by decreasing the effective stress.

However, it has been suggested that the change in the work-hardening rate as a result

of electrolytic polishing is due to a heating effect. For several reasons, explana-

tions based simply on thermal effect cannot be valid. Measurements of the temperature

increase using a methanol-nitric solution show only about a 5' C increase when thermal

equilibrium is established after about 5 min. The changes in the work-hardening rate

and the dislocation " pop-out" occur in less than I0 - 3 sec. Further, the activation

energy values as a function of the rate of metal removal were the same when measured

by the conventional thermal change method and by sudden changes in the late of metal

removal.

It appears that the changes in mechanical behavior when the surface layer is

- . removed continuously can be explained on the basis that at the onset of plastic

deformation, the dislocation sources near the surface operate initially, and as the

applied stress is increased, sources in the interior begin to operate. During the

16
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deformation process the dislocation sources in the interior are acted on hy the stress

fields from the dislocation arrays moving from the surface region to the interior is

well as by the applied stress. Those dislocations which are produced in the interior

and move towards the surface are of different sign than those which are generated at

the surface and move into the interior. Accordingly the dislocations moving from

the interior towards the surface experience a back stress and the next effective

stress T is decreased. When the surface layer is removed or decreased by removing

the outer layers, T* increases and the overall work-hardening rate decreases.

Apparently, as will be discussed later, in Stage I deformation the applied stresses

per se are not sufficiently high to cause the interior sources to operate extensively.

A computer model by Arsenault 5 6 shows that the image forces are too low to cause the

dislocations in the surface layer to flow out of the crystal. There is experimental

evidence 5 4 from gold and aluminum single crystal that in Stage I the surface layer is

work-hardened to a far greater extent than the interior. Upon restraining these

materials, plastic flow begins at the same value as the critical resolved shear stress

if the surface layer is removed after straining in Stage I. Further, the extent of

Stage I in this case is the same as that of the virgin crystal. An alternate inter-

pretation of these experimental observations is that the work-hardening of the

interior of the strained specimen completely recovers when the surface layer is

removed. Some evidence for the concept will be discussed in the section on fatigue.

Generally, it is believed that the end of Stage I occurs when secondary slip

begins. However, experimentally it is observed that secondary slip begins to occur

at a stress on the secondary system that is much larger than the critical resolved

shear stress for that system. It was therefore generally assumed that the interior

of the specimen was work-hardened. This concept appears to be at variance with the

observations that the critical resolved stress, TO, is completely recovered in

Stage I when the surface layer is removed. It appears that the end of Stage I may

be described simply in terms of the surface layer stress, Ts, acting as a back

stress to reduce the net effective stress T .22

Accordingly, in Stage I

T* T a Tb= Ta TS  (9)

where Tb is the back shear stress equal to the surface layer stress in Stage I. The

secondary system will undergo slip when the resolved shear stress on the secondary

system T
S is equal to:

17
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Ts = To = T a2 -T (s2)

fl

where Ta2 and rs2 represents the resolved applied shear stress and the surface

layer stress, respectively, at the end of Stage I. The f, and f9 are the Schmidt

factors on the primary and secondary slip system, respectively.

To determine whether the end of Stage I occurs when the net stress, Ts on the

secondary system is equal to the critical resolved shear stress, Tog several aluminum

crystals were tested. The values for Ts were calculated by means of Equation (10).

These results given in Table 5 show that the calculated values for T
s are in good

agreement with the experimental values for T o and tend to confirm the use of Equation

(10) to describe the end of Stage I.

TABLE 5 - CALCULATION OF NET STRESS, Ts
ON SECONDARY SLIP SYSTEM AT END OF STAGE I;

TEMPERATURE - 230C, 10- 5 sec -I

[From Reference 221

'a2 Ts2 f2 Ts To

Specimen* psi psi fl psi CRSS, exp

Al-3-12 190 38 0.7 106 100
Al-3-3 227 32 0.84 118 118
Al-115 160 60 0.95 95 95
Al-116 160 55 0.95 100 96

Al-117 160 55 0.95 100 90

From Equation (9), it can be seen that, as Ts is decreased for a given Tat the
net stress, T*, is increased, and it would follow that the work-hardening coefficient

of Stage I would be decreased and the strain at which Stage I ends would be increased

in agreement with experimental observations. This also follows from the

observations 21,57,58 that the shear stress at which Stage I ends is a constant for

a given fcc metal and independent of the orientation of the specimen axis or rate of

removal of the metal. From geometric considerations this leads to the relationship:

18
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01

Where the primed and unprimed symbols refer to crystals of different specimens

axis or crystals which have been deformed while the surface was being re-loved; 61

and yI designate the slope and the shear strain at which Stage I ends, respectively.

If it is considered that the difference between the slopes is due to Ts, then it

would follow that

s (12)
Y,

The change in T s may arise in several ways. It may be decreased by removing the

surface layer during plastic deformation, or increased by the application of a surface

coating. It has been shown that the formation of a heavy oxide coating on aluminum

crystals tends to decrease the extent of thd easy-glide region and increase the work-

hardening coefficient, and, in contrast, the extent of easy glide increases and the

work-hardening coefficient decreases when aluminum crystals are deformed in vacuum.
59

Further, it is known that the extent of Stage I decreases and the slope increases with

increasing strain rate. Thus, the data suggest that the slope and extent of Stage I

are determined primarily by work-hardening of the surface layer. Nakada and

Chalmers60 have shown that in Stage I the removal of metal from the surface from

which the edge dislocations are emerging affects the plastic flow characteristics more

than removal of metal from the surface from which the screw dislocations emerge.

Therefore, it would be expected that the slope and extent of Stage I would not be a

function of the orientation of the specimen axis alone but would also be a function of

the slip direction with respect to the specimen surfaces.

SURFACE LAYER STRESS

As mentioned earlier the surface layer stress is defined in terms of the addi-

tional stress that must be imposed to obtain a given strain because of the additional

work-hardening of the surface layer. It may be measured by the difference AT between

the unloading stress and the initiation of plastic flow after the removal of the

surface layer. As shown in Figures 24 and 25 for single crystals of aluminum and
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polycrvstalline Iron when the surface layer is removed in incremental amounts Ax,

the difference AT increases and then becomes constant after A% = 0.0025 in. for

aluminum22 and about 0.005 in. for Armco iron. 44 Values for the surface layer stress

for single crystals of aluminum and polycrystalline copper, gold, aluminum, iron,

molybdenum, titanium (6A1-4V) and aluminum 7075-T6 are given in Figure 26.48

In these cases, except for the aluminum single crystals and Armco iron, the

surface layer stresses were measured by completely removing the surface layer after

straining. For the aluminum single crystals and Armco iron the surface layer was

removed incrementally to obtain the work-hardening-depth profile. Similar to the

well know equation describing plastic flow, the surface layer stress os follows

the relationship:

s= Cs n (13)

The work-hardening of the surface layer in bce metals is strongly affected by the

temperature and strain rate as shown in Figures 27 and 28. For molybdenum, for

example, the value for o s at 27'C is 6400 psi and at -85'C it is 17,000 psi for a

strain of 0.002.

COMPARISON OF WORK HARDENING IN THE SURFACE LAYER AND INTERIOR

A comparison work hardening of the surface layer and the interior may be

obtained by considering the equation:

T = T* + Ti + Ts (14)

p

where T* is the net stress acting on the dislocations, T i is the resistive stress

due to dislocations obstacles in the interior and Tp = Ta - To is the applied

plastic stress where Ta is the total applied stress and To the initial flow stress.

Values of T* and m* as a function of strain may be obtained from6 1

m*Ao Ao

XnE 2/E 1  2 (15a)

%
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and from the relationship of Johnston and SteinO2

m* = Znaa ( h

where m* at C=o

In Figure 2963 where the data are plotted in terms of Ao/2 and Ao/A ,i for various

strains, m* is the slope of the Line connecting the Ao/2 values at equal strains. 6 4

In this case as for iron and single crystals of aluminum m* was constant with strain,

except at E = o.

* The relationship between Tp, T*, Ti and -s for aluminum single crystals and

* high purity polycrystalline aluminum (99.9997%) is shown in Figures 30 and 31.64

For the single crystals T* increases slowly with strain while both T i and Ts increase

more rapidly. The value for Ti, which is a measure of the work-hardening in the p

interior, appears to be very low in Stage I. For the polycrystalline aluminum a

behavior somewhat similar to that of single crystal material occurs.

Curves of the ratio of the various stresses (Ti/T p), (T /T ) and T*/Tp), for

polycrystalline and monocrystal aluminum specimens as a function of strain, Yp, are p

given in Figure 32. The shear stress values for the polycrystalline material were

obtained by converting from the normal stresses, assuming T = 0.435o. The open

symbols refer to the monocrystals and the filled symbols to the polycrystalline data.

These curves appear to be general since the data from monocrystals of other orientations

and having different values of Ts, Ti, T* fall on their appropriate curves. For the

monocrystal, Stage I ends at A; the region between A and B is the transition region

between the end of Stage I and the start of the linear region of Stage II. The start

of Stage Ill is at C. In Stage II and III, that is, at strains larger than B,

the various ratios are approximately the same for the monocrystal and polycrystalline

data. At low strains this similarity does not hold. In Stage I, the ratio (T /Tp

increases rapidly with strain until the end of Stage I is reached. Thereafter

the ratio decreases. For the polycrystalline specimen, (TS/T p ) also increases p

• slowly with strain up to a value of y = 0.9 %. At higher strains the values are

the same as those for the monocrystals. An examination of the slip line markings

of polycrystalline specimens showed that not all of the surface grains were deformed

deformed until the strain of c = 0.009 was reached. p

14 21" |.
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In Stage I and I1, where multiple slip processes occur, Ti/T p is the same

for polycrystalline and monocrystal specimens. However, at low strains this ratio

is much higher for the polycrystalline data than for monocrystals. This may be

expected on the basis that, in polycrystalline specimens, additional dislocation

;obstacles are formed by the multiple slip process; in the monocrystals, only a single

slip system operates in Stage 1, and very few additional internal barriers are

formed. In the transition region, where multiple slip starts at the end of Stage I,

the internal obstacles form rapidly with strain, aad when Stage II is fully formed,

the values T1 /T p for the two cases are equal.

YIELD POINT BEHAVIOR

The yield point that is formed in previously strained high-purity metals appears% .

*to be associated with the surface layer rather than with impurity atoms or point

* defects. The basis for this conclusion is founded on the observations that the yield

point is eliminated after the surface layer cf Lhe previously strained specimen is

removed before restraining. 6 5  In Figure 33 the change in the yield point drop of a

gold crystal is shown when various amounts of the surface layer are removed. Similar

effects are observed in both single crystals and polycrystals of copper and aluminum

in the temperature range between 273 and 300 K. In all cases the yield point is

removed completely only after a certain depth of the metal is removed. For the gold

crystal the removal of 0.0067 in. was sufficient to remove the yield point completely.

Removal of small amounts decreased the amount of the yield point drop, Aay. Figure

34 shows the Ay values measured after removing various amounts of the surface

layer, Aso by electrochemically polishing from aluminum crystals strained to Yp 7.7%.

The Aoy decreases linearly with As and is zero when it is about 0.0045 in.; the

depth of the surface layer. The yield point of prestrained copper6 5 also is elimi-

nated by removing 180 pm (0.007 in.). This value is very close to that found in

.0 the removal of the yield point in gold. 6 5

A correlation between AT y and Ts for aluminum crystals strained at 280 K is

shown in Figure 35. In this diagram the circles designate the specimens that were

• .electrolytically polished after straining to remove part of the surface layer while

the square and triangle denote data from specimens that were pulled to various

strains without removal of the surface layer. The AT y values decrease linearly with

decreasing ATs and within experimental error the curve passed through the origin.65

.1
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The effect of removing the surface layer on the yield point drop of strained

high-purity iron is shown in Figure 36. Specimens strained to 10% and unloaded at

296 K display a small yield point on reloading. Restraining to 12% and removing the

surface layer by electrochemically polishing 0.014 in. from each surface completely

eliminates the yield point drop. A third restraining without removing the surface

layer again restores the yield point.

It should not he thought that all unloading yield point phenomena are associated

with the surface layer. Precipitation type aluminum alloys develop a yield point

when strained after a prior deformation. However, removal of amounts ranging from

0.001 to 0.01 in. after straining between 4.5 and 6.5 % does not affect the AOy

values. In a similar manner the yield point associated with work softening is not

affected by the surface layer. Single crystal specimens of aluminum and copper

deformed !t 78 K developed a yield point when restrained at 300 K. When as much as

0.01 in. from the diameter was removed, no change in Ao was detected.6 5

Y

SURFACE-ACTIVE AGENTS

It has been known for some time that the mechanical behavior of metals (or

minerals) may be changed when tests are conducted in a nonpolar medium containing

surface-active agents. Rehbinder 1 3 and Rehbinder and Wenstrom 14 observed that the

creep rate of lead, tin, and copper sheets, under constant load, was much greater if

small amounts of surface-active agents (cetyl alcohol and n-valerie, n-heptoic,

stearic, oleic, or palmitic, or cirtoic acids) were added to the paraffin-oil bath in

which the metal was immersed. The "weakening" effect was a function of concentration
of the surface-active agent and of the chain-length of the molecule. The relationship

between the concentration of the solution and the change in mechanical properties is

of particular interest. As shown in Figure I for tin single crystals, the creep

strain first increased with increasing concentration of the solution and then

decreased. 18 other mechanical parameters, such as the stress and stress-rupture

life, follow a similar pattern.

The maximum in the curve of the change in yield strength or creep rate as

related to the concentration of polar molecules was believed by those investigators

to occur when a monomolecular layer was formed. The nature of the solvent was also

reported to be important. Contrary to the results obtained by Rehbinder and
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and co-workers, Harpand nd Cottrell 3 reported that the creep behavior of zinc crystals

was affected bv the addition of oteic acid to paraffin oil. only when the specimen had

an oxide on the surface. In Figure 37 the creep behavior of a zinc crystal under a

stress of 63.5 g/nm2 is shown. At point A, paraffin oil was introduced, and after a

5-min immersion, the flow rate increased. At point B, the specimen was immersed in a

0.2% oleic acid-paraffin oil solution, and creep rate increased further. Paraffin by

itself produced an effect only in heavily oxidized specimens. With lightly oxidized

specimens, the presence of oleic acid was required. Polished or etched specimens
showed no response to surface-active agents. This behavior suggested to Harper and

Cottrell that the effect involves the penetration of the surface film by the surface-

active agent.

Lucke, Klinkenberg, and Masing6 6 reported that the creep rate of gold crystals

was increased when the tests were conducted in a 0.2 oleic acid-par'ffin oil solution.

For this investigation, the creep measurements were conducted on individual specimens;

that is one specimen was used to determine the creep curve in paraffin oil, while another

specimen was tested in the solution. Since creep data are notoriously unreproducible

from specimen to specimen, Kramer6 7 investigated the effects of oleic acid on gold

single crystals by introducing the acid into the paraffin-oil bath in incremental

amounts, while the specimen was creeping at room temperature under a shear stress of

600 psi. Although the concentration of the solution during the test was changed to

cover the range 0.02 to 4%, no change in creep rate could be detected.

In investigations of surface-active agents on metals, Kramer 67 ,68 studied the

behavior of aluminum and copper crystals. He found that the extent and slope of

S.. Stage I and II were altered as a function of the concentration of the surface-active

agent, and the maximum weakening effect occurred for aluminum at a concentration

of 0.002 moles/liter of stearic acid in paraffin oil and for copper at 0.025 moles/

liter of stearic acid in benzene. These plastic flow characteristics are the same

qualitatively as those that are observed when the extent of Stages I and I is in-

creased by electrochemically removing the surface during deformation. In both cases

the critical resolved shear stress is not affected. Furthermore, when the solution

was saturated with a metal soap of the metal tested, no change in the plastic-flow

characteristics could be detected (Figure 38). To explain this behavior and the

"Lit observations that the maximum weakening effect is concentration dependent, Kramer 68

determined the rate of formation of copper stearate as a function of the concentration

of the henzene-stearic acid solutions in which copper single crystals were deformed.

24
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To obtain the average rate for the forml too or tit snoip, tl t ], Lti,1 in11 wh ich the

tensile spec imens were pu lied were aial I yzed after the detitr)rt i)n ha! been a 1 lowe!

to occur for 3 hr. The result (Figurc 3)) showed that the mixinum rate of formation

occurred at the same concentration as th at which produced th.i maximum weakening
effect. Therefore, it was proposed that the choage in the p1astic-flow behavior of

metals in solutions containing surface-active agents was associated with the rate of

solution of the metal soaps which form the re t imi h, t ween the metal and the surface

active agent. At low concentrations, tIe weakening et feot is smai i because the rate

of solution of the metal soap i3 limited by its rite of reaction between the sur-

factant and the metal. At high concentrations, the rate of formation of the metal

soap is limited by the rate of the soiution of Lhe rear ti1n products. This type of

behavior would account for the extrenum which exists in the rolationship between

concentration of the solution and the change in me.chaoi cal nehavior.

SIZE EFFECTS

The work hardening of the surface layer and Of the spe. Amen as a whole both

vary as a function of the diameter of the specimen in about the same wav. 63

Following Equation 13 a' os and c are linearly related when plotted on a log-log

basis for high-purity aluminum (Figure 40). The exponent n = 0.5 for both a

and (s but Ca and Cs, the coefficients as3ociated with the applied stress and surface

layer stress, respectively, increase inversely with the specimen diameter (Figure 41).

The variation of C. and Ca with size for the aluminum follows the relationship:

C = 274001 + 2nid-3/2

Cs = 4760 + 2od-3/2 psi

For gold the work hardeiting ex (onent for the app] ied ndll surfac, laver stress was

the same and equal to 0.7. Whereas:

Ca  = 5q()() + 7od-3/2 psi

Cs  = 19001) + 7id - /? psi

This relationship is the same as that found be Barton et al 7 t fnr the viel-i stress

of copper crystals. The value for m* ( lat ion I) was reporteI to ho i id petIdnt

of the specimen diamete r.

"I)"



I

V\ACI', FFF'E('S 0 T IKNS FI AND CtkIKP 1 IA\' I)R

Although :in appreciable effort has heeo) devoted to ,;t uli es o thIt' t Itic-t )t

VaIcuum 0] fatigue life, relativel v little has been done to i nvest i <t & t i' creep ;d

tensile behavior in terms of the surface layer. Very similar to the chang>e IiitTlld

when single crystals are strained in a medium containing surface acti\, ;ai[ents ir

when the surface layer is removed cootinious lv dolin, the deformatiion, the siope ot

Stages I and If is decreased while their extent is increased (Table F). 'he irFi-s

in Figure 42 give the change in the work hirdening for anT] tum inUn single cry st a l

strained at various reduced pressures./ 0 At atmcspiheric pressure for this particular
orientation of the speci thet reion is absent; however, tIis rug ion

spcien Stage riis is,.

appears when the test pressure is reduced to I0- 5 torr. At pressure lower than 1) - 5'

torr both 01 and 09 decrease. For example the 02 value decreases from 755H psi at

760 torr to 3600 psi at 6 X 0- 8 torr while the extent of Stage I increases from (.)l3

to 0.021. Again, within experimental error, neither the critical resolved stress,

CRSS, nor the stress at which Stage I ends, changes as a function of pressure.

TABLE 6 - DEFORMATION CHARACTERISTICS OF Al CRYSTALS T

LOW PRESSURE [FROM REFERENCE 71]

02 E2  E 3
Slope of Slope of Strain at Strain at

Crystal Pressure CRSS Stage I Stage I end of end of

No. mm Hg (psi) (psi) (psi) Stage I Stage iI T 1  T 3

0-101-3 760 90.6 --- 7550 0.056 --- 469

0-101-6 760 69.0 7440 0.042 --- 37o

0-101-4 6.1 X 1 - 5 61.1 3820 6720 0.013 0.039 125 284

0-101-5 6.8 X 10- 5 66.8 3820 6900 0.013 0.037 128 278

--51-18 6.0 N io- 5  73.2 2390 3600 0.021 0.050 131 236

0-lll-19 3.4 X 10- 5 97.2 3280 4420 0.018 0.042 15f 256

o The change in work hardening characteristics of aluminum single crystals of

various orientations as a function of pressure is shown in Table 7 and Figure 43.

According to these data, pressure does not have a marked intl iIence on Ab) until the

pressure is reduced to the neighborhood of 1W- 4 
tort (Figure 42). It also appears

that A02 is not affected by the crvstal lographic orientaiti)n of i specimen. 7 1
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TABLE 7 - EFFECT OF VACUUM ON STRESS AND STRAIN I'ROPERTIES OF ALUMINUM

SINGLE CRYSTALS; TEST TEMPERA'rTURE: 240 C; y 4 X 10-6 sec - 1

jFROM REFERENCE 711

Cr-'8tL P'ts 'iri', Chancwe ill ' 11 (i t i it .Hd <t i i it , 1 St i- i, ot li II
''nr ita[iti tort p~ t81, psi psi [ psI, i )i t Stt [I , SiI.I [] , ; i

I 
7

m. No S'ta e 1 7, S>--lv t -~t i

h X1 -- - 4 11 K.rjnlA ''. '112 tj 2-. to IM 27I t,, 2-1

16-(1,1.1 1
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420 f). 16.

76,' 313, - 5, 1-.oI I .r)4 "h 12 31-i
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2, -I5 75i. 4 5ui' - 12 ,75i - 1.ujA$ 'i ol 181. 59'.
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The effects of reduced pressures and surface preparation for 1100 aluminum alloy

and high-purity polycrystalline wire specimens are shown in Figure 44. For the 1100

aluminum alloy specimen, the stress-strain curve (B) after removal of the oxide with

argon ions and testing at 760 torr is about the same, within experimental error, as

that obtained with an electropolished surface (A). These data indicated that speci-

mens of this alloy were not damaged by the ion bombardment. However, when the

surfaces of ion-cleaned specimens were protected from the atmosphere by a vacuum-

deposited gold film, a marked reduction in the stress-strain curve (C) resulted.

For the high-purity polycrystalline wire specimen, the stress-strain curve deformed

at 8 X 10- 7 torr (G) is substantially lower than that of the same material deformed

at atmospheric pressure (D). For this material, the stress-strain curve for

specimens cleaned by ion bombardment indicated that damage was produced by the

cleaning process. For specimens cleaned for 0.5 in. and tested at 8 X 10- 7 torr,

the stress-strain curve (F) was lower than that of specimens tested at 760 torr,

but higher than curve (C). As the cleaning time was increased to I min, the stress-

strain curve (E) was about the same as curve (D).
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The effect of the v acu um o1 the V;tri ill fhe-ChIAT1 ical par iimettrs is ehpeii dient Ilpl ll

the size of the specimen. The plastic-flow prope rties of polIvcrvstalline spcinens

with diameters of 0.04 and 0.1 in. remiain uuchaooged in vacuum, while those of the

0.02-in. wire specimens are significantlv changed (Table 8).

These data may be interpreted in terms of the work hardening of the surface laver.

* Kramer and Podlaseck 7 0 suggested that the rate of format ion of an oxide film on the

freshly exposed slip steps is decrease!t at the Ilow pressuros, and dislocatins can

egress through the surface to reduce the dislocation density. On this basis it

would be expected that the apparent activation energy should he lower and the

activation volume higher for specimens strained at reduced pressures compared to

those deformed at atmospheric pressures. Measurement of these parameters in the

pressure range of - 7 to io- 4 torr show this to he the case. 7 1 Specimens of

aluminum single crystals were allowed to creep at 150'C at a pressure of 10 - 7 torr

and the pressure was suddenly increased to 2 X i")- 4 torr. The change in the apparent

activation energy was calculated from Equation (16).

AU =RT in (y2 p~(6

Where the subscript denotes the pressure and the strain rates y measured at the

same strain after the pressure was changed from P2 to Pl For a pressure change

from 10- 7 to 2 X 10- 4 torr the apparent activation energy is reduced as much as

500 calories per mole at shear strains less than 2% (Figure 45). The AUp values

decrease with increasing strain. Apparently at the higher strains the surface layer

forms during the straining and exerts the controlling influence so that the effect of

the oxide film is reduced. To determine whether the decrease of AUp with strain is

associated with the formation of the surface layer, specimens were allowed to creep to

predetermined values at reduced pressure (i0 - ) and 0.005 in. was removed by

electropolishing. As can be seen by the open circle points in Figure 45, the values

of AU0 after the removal of the surface layer increased to the same value as that

obtained at the low strains and therefore indicate that the change in AUp is associated

061 with presence of the surface layer.
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TABLE 8 - EFFECT OF VACUTUM ON THE TENSILE PROPERTI ES OF tI (;H-PURITY
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The activation volume also increases when polycrystalline high purity aluminum

is tested in vacuum (Figure 46). To avoid systematic errors that could be intro-

duced by measurements on multiple specimens the data in Figure 46 were obtained on

the same specimen by cycling the pressure between 10 - 5 and 10 - 6 torr. In addition,

after annealing the specimens at 300*C, just as in the original annealing treat-

ment, the specimens that had been allowed to creep in air were than tested in

vacuum and those previously tested in vacuum were tested in air. In all cases the

activation volume is larger for specimens strained at the reduced pressures, again

indicating a reduced dislocation density.

The surface layer stress at reduced pressure can be measured on high-purity

polycrystalline aluminum by taking advantage of the observations that in this

material the surface layer will relax at room tomperature. The data shown in Figure

47 were obtained by straining the specimen in a vacuum chamber maintained at 2.5 X

10- 5 torr. The load was reduced and the specimens allowed to relax for 18 hr. other

specimens were tested after removal of the surface layer by electropolishing. They

were then restrained in vacuum. Confirming the interpretation derived from the

activation energy and activation volume, the surface layer stress as a function of

strain is definitely lower than that obtained tinder atmospheric conditions.72
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The decrease in the cvclic work hardening at reduced pressures is also related

to the rate of formation of the surface layer.48 It was observed that the cvc 1 ic

hardening of polycrystalline aluminum was smaller for specimens strained at 5 X r - 6

torr than at atmospheric pressure. The difference in the two curves in Figure 48 is

equal to the difference in the surface laver stress, Aas, obtained from measurements

made under atmospheric and reduced pressure conditions.

Not only is the cyclic work hardening decreased at low pressures but the cyclic

creep rate is also reduced (Figures 49 and 50). For both polycrystalline aluminum

and titanium (6Al-4V) the cyclic creep rate is less when the tests are conducted at

reduced pressures. The cyclic creep process may be explained in terms of the forma-

tion and relaxation of the surface layer. During the initial straining to 0max

plastic flow occurs and a surface layer is formed in addition to the work hardening

of the interior. During the unloading and reloading portion of the cycle the surface

layer can relax partially. Thus, upon reloading plastic strain will begin at a

stress amax -Ac s . On subsequent reloadings part of the Au s will be reformed but

will be less than that present at the end of the previous cycle because the interior

will also work harden as a function of strain. This process of partial relaxation

and reformation of the surface layer continues until the internal stress oi(N) is

increased by an amount equal to the surface layer stress formed in the first loading.

The role of the surface layer in cycle creep is made clear by the observation that

the cyclic creep increases markedly if the surface layer is removed during the course

of the creep process.
7 2

These experimental results indicate that the general effect of a vacuum environ-

ment on the mechanical behavior of aluminum is to reduce the work hardening in the

surface layer. The metal work hardens less rapidly when the oxide film is reduced.

The oxide film formed in air at room temperature, although thin, exerts a rather

large influence on the plastic-flow characteristics as shown iL Table 8 and in Figure

44 by the comparison of curve A with C and D with G. From the magnitude of these

effects, it is apparent that the oxide film effectively blocks the escape of disloca-

tions from the surface, thereby causing a high surface layer-stress field in a

deforming specimen. It appears that during plastic deformation in vacuum the rate of

oxidation of the slip step decreases and the resistance to the egress of dislocations

is decreased. As a result, the net stress operating on the near surface dislocation

sources increases with an accompanying decrease in the work-hardening rate. A more

detailed model for the role of the surface layer will be given later.
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According to this concept of the surface layer, T s increases with plastic

40 deformation regardless of whether or not there is an oxide on the specimen, for

* '- example, the case of the gold crystals. In vacuum, a reduced rate of oxidation

* retards the rate of build up of the surface layer but does not prevent its formation

completely. Therefore, the effect of vacuum on Ts is expected to be relatively small

and may become insignificant at high strains in accordance with the strain dependence

- of AUp. The restoration of AUp of prestrained crystals to its initial value after

the surfaces were electropolished gives evidence that the surface stress plays an

"' important role in the plastic-flow behavior at reduced pressures.

"e INFLIJENCE OF SURFACE LAYER ON DUCTILITY

From the observation that the elongation to failure of specimen pulled in vacuum

(Table 8) is increased, it may be suspected that the surface layer plays a role in the

general ductility of metals. 7 3 The role of the surface layer on the ductile-brittle

transition temperature is seen in Figure 51 for molybdenum specimens with a diameter

S. of 0.15 in. These specimens were strained at a rate of 0.1 min - l while they were

being electrochemically polished in a 20% HNO3 , 80% H 20 solution at a removal rate of

60 X 1O- 5 in/min. With this rate of metal removal the rise in temperature was less

than 10 C. The effect of decreasing the surface layer by electrochemical removal

was to lower the ductile-brittle transition temperature by about 15*C. This may be

considered a rather large change in terms of the observation7 3 that a 100-fold change

in the strain rate shifts the transition range about 25 0 C. The effect of decreasing

the surface layer is also reflected in the fracture stress, 7 3 (Figure 52). For the

specimens strained without removal of surface layer, the fracture stress increases

with decreasing temperature to about 265 K. The fracture stress then decreases

abruptly below this temperature and then increases along a lower branch of the curve.

For the specimens strained while the surface layer is being removed, the fracture

stress continues along the upper branch of the curve. It may be supposed that the

fracture stress in this case would also decrease abruptly to a lower value if the

investigations had been conducted at lower temperatures.

In a somewhat parallel investigation, Baranov et al. 7 4 reported that surface

removal during deformation had a remarkable effect on the ductility of tungsten single

crystals. When no surface removal was involved, the tungsten crystals failed in a

brittle manner along (001) plane with a reduction in area of about 12 %. With surface

removal, these crystals fractured with a formation of a neck and a reduction of area
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of 83%. Apparently, since necking occurs when do/dE a, the removal of the surface

layer during the straining decreases the work hardening of the entire specimen, and

local instability to form a neck occurs at a stress much lower than the cleavage

stress.

FATIGUE

In this section, rather than presenting a separate discussion of the influence of

vacuum on fatigue, the subject matter will be treated as a unit. As will be discussed

in more detail later, the fatigue behavior of specimens in vacuum, as well as in

corrosion fatigue environments, appears to be related to the rate of formation of the

surface layer during the cycling. In fact, the i.,vestigiations of the fatigue in

various environments provide substantial evidence for the importance of the surface

layer, and models based on this concept appear to explain fatigue damage in a rather

straightforward manner.

Since the work of Gough and Sopwith,7 it was well established that fatigue life

of metals increases with decreasing pressure. This increase is not usually a contin-

uous function of pressure but begins at pressures less than about 10- 1 torr; and

depending on the metal the fatigue life then remains constant at pressures lower than

10- 2 torr for lead 12 and 10- 5 for many other metals (Figure 53).75 The increase in

the fatigue life as a function of air pressure in general follows the type of behavior

depicted in Figure 54. In the range S1, from atmospheric pressure to Pc, the fatigue

life increases very little. In the region S2, at pressures below Pc, the increase in

life is rapid. In the region S3 the effect starts to approach saturation. Such air

pressure dependence of fatigue life has been observed in lead,''' 12 commercially pure

aluminum 70 ,7 5- 7 7 and copper, nickel, and stainless steel at elevated temperatures.

For lead, a change in the frequency and the strain amplitude shifts the curve (Figure

78
55) along the fatigue life axis with no change in the threshold pressure. The

critical pressure Pc also appears to be rather independent of the temperature and

stress amplitude. The improvement gained at the reduced pressures appears to decrease

with temperature for 1100 aluminum. For this material tested at a stress amplitude of

9,700 psi, the cycles to failure decreased from 107 amd 2 X 106 when the temperature

is raised to 2250 C. Increasing the stress amplitude lowers the entire curve along

the life axis and changes the slope in both the S1 and S2 regions but does not change

the threshold value (Figure 56).
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The effect of reduced pressures on the improvement in the fatigue limit appears

to be associated with the crack propagation rather than with the formation of a pro-

pagating crack.7 5' 79 Microcracks appear at the same number of fatigue cycles regard-

less of whether the specimens are tested in air or in vacuum and a propagating crack

apparently appears after the slip markings spread over the surface of the specimen. 7 6 ,8 0

In vacuum these surface markings develop into numerous nonpropagating cracks. The

individual fatigue cracks that develop in vacuum appear from surface observations to

be much finer than those formed in air.

There have been extensive investigations on the slip band and dislocation struc-

tures of fcc metals, especially copper. It has been observed that a cell structure

develops in high amplitude fatigue, while at low amplitudes bands of dislocation

pile-ups are typically formed below the persistent slip bands (PSB).8 0 83  In iron

specimens cycled at high amplitudes, many slip lines with the formation of a cell

structure are observed84 and at low amplitudes dislocation band structures

appear.8 5 ,8 6 For polycrystalline copper fatigued in air, plastic deformation at the

surface is concentrated in a few slip bands, whereas for specimens cycled at low

stresses the slip bands are more uniform, thinner, and denser. 8 6 Electron microscopy

investigations on polycrystalline copper fatigued in air revealed slip lines separated

by undeformed areas, and for specimens cycled in vacuum the surface was completely

covered with many slip bands.8 7 These slip line observations appear in specimens

fatigued at low strain amplitudes. At high amplitudes, no difference is observed in

the slip line distribution in specimen cycled in vacuum or in air. 8 7 In both the

vacuum and air environments PSB's are not formed at high strain amplitudes and the

percentages of trans- and inter-crystalline fractures remain the same.

The influence of a vacuum on the fatigue limit seems to depend on the particular

metal involved, and it is by no means clear from simple observations why the differ-

ences arise. As shown on Figure 57 for ARMCO iron fatigued under constant stress

amplitude conditions, the fatigue limit is not affected by the vacuum environment

even though the endurance limit is increased. 7 5 Similar observations have been

noted for molybdenum 88 and some aluminum alloys.8 9  In contrast, Verkin 90 reports

that the fatigue limit of a high strength steel and high strength titanium alloy

(compositions not given) increased when the fatigue process was conducted at low

pressures (Figure 58).
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- " It has become clear that the investigations of fatigue failure of metals in air,

- vacuum and other environments that cause an increase or decrease in life provide

.°

considerable insight on tha e ieof the surface in many types of mechanical behavior.

The early observations on fatigue damage were confined to the macroscopic deformation

characteristics of cycled metals and were limited by the available optical microscope

techniques in studies concerned with interpreting the surface topography, such as

slip bands and intrusion and extrusion striation markings, in terms of their topo-

- logical counterparts, namely, slip mode and homogenization, and crack formation and

" propagation phenomen. The appearance of incipient cracks within persistent slip bands

(PSB's) was detected by Thompson et al. 9 1 in copper. The early appearance of these

-- PSB's indicated that most of the fatigue life in copper was expended in the crack

propagation process. This observation, although valid for high purity metals, does

not appear to be valid for commercial type alloys. For example, Grosskreutz 9 2 re-

ported that crack initiation in the structural-type alloys, Al 2024-T3 and 4130 steel,

was delayed until 60 to 70% of the total fatigue life had been expended. Fatigue

cracks were also reported to originate at intrusions and extrusions. 9 3- 9 6 Using a

tapered section technique, Wood et al. 9 7 confirmed the propensity for fatigue crack

initiation in the surface region.

sq., The fatigue resistance of metals has been studied in terms of the potential for

.'. dislocation motion. The ability to cross slip, which varies as the magnitude of the

* stacking fault energy (SFE), was reported to influence strongly the surface features

and cracking mechanism.98 ,99 Low SFE metals were usually reported to exhibit planar

arrays of dislocations'0 0 and were, therefore, denoted as "planar slip-mode"

metals.' 0 1 The slip band structure of these metals and alloys (which included

titanium, magnesium, stainless steels, and brass) revealed dense bands of dislocations

-.- interspersed with dislocations dependent on the initial condition of the metal. The

high-SFE, or "wavy slip-mode" metals, such as aluminum, copper, iron and nickel, in

.. the formation of interconnected bands contained dislocation dipoles, loops, and other

*" debris.'0 2  At high strains, a cell structure was observed over the entire section of

monocrystals, while at low strains a bulk structure consisting of dipole clusters or

veins was correlated to the PSB's at the surface.'0 1

It is evident, however, that cross slip was not basic to the formation of PSB's.

Nine et al.1 0 2 ,10 3 carried out torsional fatigue studies of single crystal copper

and observed that slip between the twist boundaries forming the sides of a cell-type

k-.92°
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structure induced by low strain amplitude fatigue eas ily acointed for the striation

distribution. The ladderlike cell structure's development in copper, and its associ-

ated fatigue striations, were also reported by Laufer and Roberts. IO4

While no single mechanism could be credited with adverse local concentration of

plastic deformation, and thus with sole responsibility for crack initiation, it was

clear that maintenance of a homogeneous slip condition was essential to ensuring

good fatigue resistance.1105  In polycrystalline materials, cracks were often found

to nucleate at grain boundaries or inclusions when slip-related surface features

'" failed to provide the necessary stress intensification for cracking. I0 6- 1 10 Watt

et al. 110 conducted experiments which showed the reproduction of original slip bands

after removal of a 300 Pm surface layer from copper single crystals, and proposed

that the plastic elements associated with localized "reversible" slip were distributed

throughout the crystal and not confined to the surface. Nevertheless, in agreement

with Kramer's studies of the surface layer, recent TEM studies of polycrystalline iron

have shown that the plastic flow always represents a more advanced stage of develop-

' ' ment at the surface than in the bulk, even when the flow has proceeded over the entire

cross section.11 1 It has also been shown that surface treatments or testing under

particular environmental conditions, which tend to enhance slip dispersal during

cycling, increase significantly the specimen longevity.'O0,1 12 ,I1 3 The same philoso-

phy has been employed to improve the fatigue resistance of precipitation-hardened

alloys by thermomechanical treatment, although the impact of the process is not

restricted to the surface layer. Again, the objective was to eliminate heterogeneous

aging effects in the form of precipitate-free zones prior to fatigue to promote a

metallurgically stable structure that would support homogeneous deformation during

subsequent cycling.114

BULK-HARDENING OR SOFTENING PHENOMENA INDUCED BY FATIGUE CYCLING

Another characteristic of fatigue deformation that has been studied extensively,

but has proved difficult to relate to crack initiation and failure, is the cyclic

hardening or softening phenomenon.9 5 ,115- 12 2  It should be noted that fatigue failures

occur for specimens that exhibit work hardening, work softening, or work hardening

followed by work softening.12 3  This appears to imply that there is no functional

relationship between fatigue failure and cyclic hardening or softening and other

i___ mechanisms must be involved in fatigue failures. Further, cyclic hardening or

softening does not provide a useful measure of fatigue damage and is most probably
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related to the changes in the work hardening rate. The cyclic strain-hardening

rationale, defined by Feltner and Laird,124, 12 5 stipulated that a correlation exists

between low-amplitude strain-hardening behavior and Stage I unidirectional deforma-

tion, and between high-amplitude strain-hardening and Stage IT unidirectional testing.

The former is characterized by the formation of dipoles, while the latter involves

the formation of a cell structure. Their cyclic strain-softening rationale assumed

as a prerequisite that "reversed plastic flow" occurs and that the rate of cyclic

softening is controlled by frictional-type impediments to mobile dislocations.

Experimentally, these investigators determined that a saturated condition was

achieved for annealed fcc metals after about 15% to 20% of the life. The stress

response of cold-worked specimens required about 507 of the total life to attain a

stabilized condition. The microstructure at saturation was reported to be essentially

the same for both the annealed and cold-worked specimens for representative metals of

both slip mode characters. The saturation stress was found to be a unique function of

the cyclic strain range, strain rate, and temperature.

McGrath and Bratina9 8 and Lukas amd Klesni1 126 studied the cyclic hardening in

bcc iron and found surface features and microstructures similar to those obtained for

fcc metals. The transient saturation-hardening stage has been ascribed to a decrease

in the production of fresh dislocations, coupled to a "flip-flop" motion of existing

dislocations.

Recalling Feltner and Laird's proposal that the saturation stress is independent

of the prior strain history, 12 5 it must be presumed that cold-worked metals must

undergo a transient stage of cyclic reversion of the prior deformation to achieve the

deformation substructure characteristic of saturation condition of annealed specimens.

For design purposes, this behavior is distinctly problematic, since the strength

properties in low-cycle fatigue would be significantly less than expected from the

monotonic testing.1 27  As expressed by Grosskreutz, 9 2 the softening effect signifies

a loss in "load-carrying ability" and can thus be viewed as detrimental degradation

of the high-strength microstructure produced during the prestressing or prestraining

operation. Age-hardened alloys have been reported to be especially susceptible to

softening effects. Since these alloys are hardened by a metallurgical process, the

softening mechanism proposed by Forsyth, |28 involving a redissolution of precipitates

by the repeated and systematic cutting by dislocations, is a plausible though somewhat
disputed 1 2 9 hypothesis.
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On the other hand, if extended life rather than fatigue strength is the prelimi-

nary design criterion, softening can be credited with beneficial results. Studies of

Al and Ag single crystals cycled in the bending mode have shown that alternating

between high and low strain amplitudes can delay crack initiation and reduce the

crack propagation rate.130,131 The sequence of amplitude changes has been postulated

to promote climb- and glide-aided substructural recovery and to reduce the deleterious

effect of introduced grain boundaries in the crystals. Since the behavior was found

comparable to that produced by intermittent annealing, the softening due to intermit-

tent low-strain cycling was ascribed to the dislocation rearrangement, stimulated by

an ample vacancy supply from nonconservative motion of jogged, oscillating dislocation

segments. As discussed later, this type of improvement in fatigue life may also be

explained in terms of "hardening" of dislocation sources in the surface layer.

CORRELATION OF SURFACE LAYER WORK HARDENING TO FATIGUE FAILURE

The hardening and softening behavior recounted in the previous sections has

earned acceptance as a tenable bulk process. However, the relationship between

fatigue failures and the cyclic hardening or softening was further complicated by the

findings of Grosskreutz.9 2 He reported that slices cut from cyclically failed copper

specimens exhibited fatigue lives comparable to that of the original specimen and

concluded, therefore, that the "damage" introduced to the copper during the initial

fatigue process was harmless, serving only to determine the flow stress. The impli-

cation that the bulk hardening or softening under constant-amplitude cycling was

significant only in terms of the dynamic strength properties of the metal lent support

to the growing evidence that the fatigue life was critically dependent on the surface

hardening or softening behavior.

Argon proposed that "damage" accrues by void and porosity concentration in the

PSB, shown to be "soft" by micro-hardness measurements, such that incipient cracks

are nucleated. 13 2  A vacancy production mechanism during high-amplitude cycling was

correlated to the recovery and fragmentation of hard surface layers introduced by

prior surface treatment, and ultimately with condensation into voids to cause failure.

This recovery mechanism is obviously in contrast to the beneficial vacancy-aided bulk

recovery thought to be pronoted by the low-amplitude blocks of variable-amplitude

fatigue programs.

VonVitovec 133 observed that in bending fatigue, limited cycling at a high strain

before cycling at a lower strain considerably extended the fatigue life. The
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improvement in fatigue pertnrmance was described in terms of a "training" effect in

which the surface region was strengthened so as to resist further fatigue damage.

Important, when considering the role of the surface, is Von~litovec's demonstration

that in the fatigued specimens dissolution rate decreased with distance from surface

to bulk. Since the rate of dissolution is a function of the stored energy, these

data indicate a higher dislocation density in the surface region (Fig ure 59). In

VonVitovec's experiments, since the applied stress was in bending, preferenitial srir-

face work hardening would be expected. However, uniaxial fatigue of polycrvstal line

.e. aluminum and copper also revealed an increase in the "surface laver stress1" compared

to the bulk material. 1 3 4 - 1 3 6  In these investigations it was shown that the cvcling

increased the flow stress and decreased the activation volume of the specimens. uLnt

when the surface layer was removed, specimens that had been subjected to a relatively

small number of cycles reverted to their original uncycled values. These data indi-

cate that under the conditions of the test, i.e. relatively small number of fatigue

cycles, the surface layer work hardens much more than the bulk material. Kramer's

work on fatigue of precycled commercial alloys136 revealed a behavior comparable to

that observed earlier by VonVitovec. When a small period of high-amplitude cycling

was performed prior to cycling to failure at a lower amplitude, an anomalous increase

in life was obtained. The life increased as the decrement in stress amplitude in-

creased, and decreased if the prior fatigue was carried beyond a certain limiting

number of cycles (Figure 60). The imposition of a "hard" surface layer by pre-

straining bears some resemblance to the improved resistance to damage afforded by

long-employed surface preparation techniques such as shot peening137 and surface

rolling,1 3 8 which introduce compressive residual stresses in the surface layers.

These effects may be viewed in terms of the generating of dislocations in the near

surface region. Apparently the imposition of the high stress increases the work

hardening in the surface layer and, therefore, increases the stress required to

activate the dislocation sources. When the cycling is continued at a lower stress

the net stress acting is accordingly lowered and the rate of generation of disloca-

tion is decreased.

Investigations on the extension of fatigue life by surface removal treatment

have been very valuable in allowing an explanation of fatigue in terms of the surface

layer. The beneficial effects of removing the surface of component parts has been a

long-employed shop practice of service components subjected to fatigue. Thompson

et al. 9 1 showed that intermittent removal of 30 pm from the surface of copper
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specimens prolongd fatire life. They attributed this , fti't ti thi,- ,li ,1..i i,,,.

of the PSB's and inc'ipie it c rack . Alden and Backo7fen showetl tliit ptr i, di t irt ,,,

removal or annealing L reallent, if performed prior to sattirat i)n hrlen i'n,, j Ih-

stantiall- prolonged the fatigue life of aluminum single crystal . 9  Th) v

the improveme.t, however , not to a removal of 'c-mulat td , 1ma 9 , O11t rithcr t,, 1
prolonged period of random siip step emer.eice it the so taii,, :ut this :1 istj~iiO-

ment of slip concent rat ion and c-ackino-< in this recion.

Whi Le the research efforts descibed above for the mist part imp thit tie

surface layer plays an important role in fatigue, many of thi vi ri ous invest ilt at [ns.

did not include studies of thc surface layer per se. It liaving been shown previ.)L,-l v

in a unitirectionally strai ned specimen that the surface regioo work liar(ne to a

g reater extent than the interior, it was suggested that the si rface layer was importalt

in fatigue. 7j 7 1 ,139 140 In 1974 Kraner140 measured the increase in the surface Iaver

stress as a function of fatigue life of 4130 steel, aluminum 2014-76, and titanium

(6AI-4V). The data presented in Figure 61 for 201/A aluminum are typical of tle

relationship between work hardening of the surface layer, os, as a function of the

number of cycles at various stress amplitudes. The asterisks designate the value of

(i s at No where No is the rumber of cycles required to initiate a propagating

crack; the o s value for fracture is a constant and lies on the extended portion of

the curve. It is apparent fron these data that a crack or fracture occurs when (j

- o s . The critical value is i independent of the stress amplitude. Within the

sensitivity of the measurements the surface laver stress does not increase whin

specimens of the iluminum alloy and titanium (6AI-4V) are cycled beLow the endiiriooce

limit. 140

Additional work al. o shows that the critical valire j,,* is i ldependeint of the

environmeit; however, for thoste environments th.at promote corrnsion-fatigue the

-it o taired i14o
slope of tie a /N curve is much steeper than that obtained in air.

For the al num 3)14 , titan ium (6AI-4V) and the 4130 steel (,' v = i3f) ,hi00 psi)

a linear relationship is obtained when the slope s=dos/dn is plotted aga-inst[ )log a, where u is the stress amplitude.

'i.'is = kaP (17)
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and s= SN 18)

and =s* SNo  19)

*(N )C-P

therefore, N = 0 (20)
0 k

C~ (N ) p  
( 21)

s" F
and N =

F k

this relationship for fatigue failure and propagating crack formation is in accord

141with the equations proposed by Basquin in 1910. The term / /k is a constant that
S

may be obtained from a log-log plot from the intercept at a = I while p is the slope.

in terms of the surface layer from Figure 6t, fatigue damage may be defined as

as (22)
D-

0s*

and accordingly if us is decreased, for example by removing the surface layer, damage

N', will be decreased. The increase in the work hardening by fatiguing at various stress

amplitudes does not follow a simple linear relationship as suggested by Miner's rule.

Rather the work hardening depends on the prior stress history as depicted in Figure 62

for aluminum 2014-T6 specimens fatigued at +276 MPa for various cycl-s prior to

cycling at +172 MPa. The slopes of the curves are altered by the prior fatigue

history. For example, for those specimens given a half cycle at 275.8 MPa before

cycling at 172.4 MPa, the slope dos/dN is much larger than that for specimens

cycled only at 172.4 MPa. The curves in Figure 62 give the change in the slope as

a function of the fraction of fatigue life when the stresses are changed from

a low to a high value. On a semi-lng basis with respect to the fraction of life

f = N/NF the curves are linear and extrapolate to the value of S = ds/dN obtained

' when the specimens were fatigued only at the single stress amplitude. However, the
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change in work hardening of the surface layer when the stress is changed from a high

to a low value is apparently strongly dependent on the magnitude of the stress change

(Figure 63). In these cases the slope of the curves after fatiguing at the higher

stress (276 MPa) is lower than that obtained by a linear extrapolation to the value N

obtained when the cycling was conducted at the lower stress amplitude. For a specimen

that had been cycled for 1/2 and 600 times at 275 MPa, failure did not occur within

If)' cycles when fatigued at 137.9 MPa, whereas without a prior fatigue cycling these

specimens failed at about L.5X0 5 cycles.

Based on the experimental data on the work-hardening of the surface layer as a

tuntion of prior fatigue history, an equation may be derived for the prediction of

'urnulative fatigue damage. The equation is constructed on the observations that a

crack forms or the specimen fails at a critical value a's, that is

SSiNi  s  (23)

From Figures 62 and 63 a model may be constructed to calculate fatigue damage

as depicted in Figure 64. From this figure

S I = S2 (SI/S2 ) 
f l , I[ = S2 (s2 /s3 ) f2(si/S 2 ),

f2 1 l etc. (24)

r,,m Eriiations (18)-(24)

o N1 + o N2 (o1/o2 ) Pf!+ o( N3 (o2/o3)Pf2 X (25

(o1/02) Pf2fI + . = */a

id Ly /k each term on the left represents the fraction of fatigue

,~i . -*il ure occurs wh'en the sum equals one. With this equation an

.............. , t rc t was o btained between eXlC rimen ta I derived fat igue damage
136[ . .,lies predicted from Equation (25).
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From the viewpoint that a f -iti u, crack nd/,r fa'anct ir,, Wi I I CC1lr i-jlln the

surface laver stress attains ia given critical value it wuld1 h ex!wt 'ttd that the

fat igue life could be extended by removing the t ire surface I iv,er. I'c ti '; end ;

series of fatigue experiments 1 4
) were conducted on titanium (6AI / 4%') aind 2,11 4-lb

a lu-iinn where i n the specimens were fat i,,ed bet ween 3() and 5i)1 .f the f raC tu rt,

life , NF, and the surface I aver was removed by eI ec t rochein i calv takin ofIf a'ut

1501 jim from the diameter between cycles (Ta1e1 9). This prcss ,,is r, pea1te d

untai the final dianeter, )f , was reached . Then to de term i ae whe tlier the 5pee inc its

suffered fatigue damagre they were cycled to f.a illiire after the f inal rcinoval of the

surface layer. It is clear from Table 9 that pe riod i' removal of thc( suirfacO laver

completely restores the fatigue life. For example, for the 'UiI 4-TO a]I cmiinum allov

cycled at 47 MPa repeatedly at N/Nv = 0.53 ( AN = 59,00) the specinen withstood a

total of Nf = 500,000 cycles without failure. After the final surface removal the

number of cycles to fail the specimen, Np, was 150,000 as compared to Np = 95,00 for

the average fatigue life. When, however, these specimens were fatigued as indicated

in Table 9, but only 25 m was electrochemically polished off to ist remove any

surface markings, very little or no extension in the fatigue life was observed.

Accordingly, the improvement in the fatigue life is due to the removal of the surface

laver and not the elimination of slip hands or cracks. As will he disctssed in more

detail later, experimental evidence shows that the excess dislocation density in the

interior is reduced to that of the virgin condition when the specimens are cycled

after the surface layer is removed and the fatigue damage completely eliminated.

From the observations that fatigue failure occurs when the surface layer attains

a critical value and from the evidence that complete recovery of the fatigue damage

is achieved by removing the surface, Kramer140 proposed a mechanism for fat igue

damage based on the preferential work hardening of the surface region. According to

this concept, when the obstacle strength of the surface layer becomes great enough

,r to support a piled up" array of dislocations of like sign, a crack will form when

the local stress ahead of the "pile tip" exceeds the fracture strength in that region.

This pile-up would not have to be a linear array; rather the accumulation of dislca-

tions of like sign needs o)01 to sat isfy the condition that the net addition of the

stress fields exceeds the fracture stress. At lower strengths of the surface laver

the stress fields associated with the pile up would allow plastic deformation to

occur and relax the imposed stress.
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TABLE 9 - EXTENSION OF FATIGUE LIFE BY REMOVAL OF SURFACE LAYER

Stress, ±a N Df

MN/m2  ksi NF AN NF NT Np mm

Titanium (6AI-4V)

55.2 80 67,000 20,000 0.3 220 ,000 100,00() 1.32
55.2 80 67,000 30,000 0.45 360,000 180,000)( 1.04
55.2 80 67,000 30,000 0.45 150,000 80,00( 3.49

62.0 90 40,000 12,000 0.30 132,000 63,000 1.61

2014-T6 Aluminum

47.0 25 95,000 50,000 0.53 500,000 150,000 15.2

27.6 40 12,000 6,000 0.5 60,000 56,000 12.4

The application of X-ray diffraction techniques to assess fatigue damage appar-

ently began in 1937 when Regler142,143 reported that the X-ray diffraction lines were

broadened when specimens were fatigued. Numerous other research programs have been

conducted since Regler's earlier investigations but without notable success. In

these investigations the line broadening from the surfaces of the fatigued specimens

was studied and, in general, it was observed that after a relatively small fraction

of the fatigue life the X-ray diffraction line broadening either virtually ceased or

increased very slowly.

More recently Taira and his co-workers144-151 as well as Hayashi152 conducted an

in-depth series of investigations employing a wide range of X-ray diffraction techni-

ques for the study of fatigued low carbon steel specimens. Using the Hall method to

determine particle size, D, and microstrain, Taira reported that at the surface the

particle size decreased while the microstrain first increased and then remained

constant with further fatiguing. For aluminum 2024 the particle size remained almost

constant and the microstrain increased with the number of cycles.
4 3 Using the Warren

Averbach method for fatigued specimens of nickel, a-brass and steel, Hartmenn and

.*4 Macherauch 1 5 3 reported that the particle size,D, decreases while the microstrain

increases and gradually levels off. Moll1 5 4 for high purity nickel, Wan and

4.. Byrne 1 5 5 and Lynn et al. 1 5 6 for nickel and a nickel-cobalt alloy observed the same

general behavior as reported by Taira. Since the dislocation density increases with
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the microstrain and is related to the - 2 it is quite evident that the total dislo-

. cation densitv increases at the surface during the fat igie. A schema tic ill 1_st ration

of the changes in the line broadening as measured by the half-width is shown in

Figure 65.148 According to Taira the curve consists of three regions: ( I) A rapidly

changring region that extends up to about 29)% of the fatigue life; (2) A slowlv rising
section that extends to about 85% that is followed by (3) a rapidly Increasing section

tip to fai lure. As with that found for the surface layer st ress,l ) Tai ra found that

" fracture occurs at a given value of the Line half-width measured at the surface. This

value is also reported to be independent of the stress amplitude. 1 4 4  In contrast,

. for cold worked 0.78-% carbon steel the half-width, b, decreases as the specimens are

-. fatigued (Figure 66). This curve has two regions, a linear decreasing region fotlowed

by a region wherein the b/B value decreases very rapidly. Apparently, independent of

the applied stress, fracture occurred when the ratio b/B was 0.6, where B is the

original half-width of the specimen before fatiguing. Similar behavior was observed

for cast iron and cast steel.

Using single crystals of molybdenum, Trashchen et al. 1 57 studied the deformation

of fatigued specimens by the Berg-Barrett technique as well as by X-ray diffraction.

They found that the crystals with an orientation conducive to single slip had a much

larger resistance to fatigue failure than crystals that deformed under cross-slip, and

concluded that the fatigue life is not a function of the total dislocation density

but depends on the way the dislocations are oriented. They suggested, in agreement

with Kramer, 14 0 that the possibility of dislocations with the same Burgers vector,

(excess dislocations) piled up in a localized part of the surface area, created a

favorable condition for the nucleation of a fatigue crack.

Of interest, these investigators measured by means of a double crystal diffracto-

meter the increase in the misalignment of sub grains, AK, and the density of dislo-

cations inside the misoriented elements of the substructure as measured by tile half-

width 6. Tn agreement with others, they reported that, for the two crystals having

different orientation, fracture occurred at about the same value of $ of approximately

10 minutes of arc. Uising a double crystal X-ray spectrometer, Bega et al., t 5 8 in an

article published in 1981, reported that a dislocation rich surface laver of not more

than 20 jim was formed in fatigiued molybdenum crystals. Since extrusions and intru-

sions were not observed it was concluded that the crack initiated in the slip bands.
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X-ray diffraction methods have also provided a very powerful means for investi-

gations concerned with the dislocation density-depth profiles. The early investiga-

tions by Taira involved the use of microbeam X-ray techniques capable of high

resolution. The data presented in Figure 67 are typical of their results for mild

steel obtained from specimens tested in bending fatigue at a stress amplitude of

25 Kg/mm 2 . The work-hardening as measured by the ratio of the increase of the half-

width b to the original half-width of the uncycled specimen was greater in the region

close to the surface and decreased with distance into the interior. Both in the

surface layer and in the interior the work hardening increased as a function of the

fatigue life.

The work-hardening as a function of the distance from the surface was investi-

gated in detail by Pangborn et al. 4 2 on aluminum 2024 and aluminum single crystals

by means of a high precision double crystal diffractometer coupled with topographic

images of the regions explored by the X-rays. In these investigations the specimens

were fatigued in tension-compression at R = -1 for single crystals of high purity

aluminum and 2024-T3 polycrystalline aluminum. For the single crystal specimens

cycled below the fatigue limit at a stress amplitude of 1.03 MPa, as indicated by

the line breadths, the excess dislocation density is high at the surface and declines

with distance towards the interior, (Figure 68). qowever, instead of attaining a

. [.' plateau value immediately, the line breadth curve displays a minimum value at about

100 pm and then rises again to a constant value in the bulk. Of interest is the

observation that after 2 X 105 cycles at a stress below the fatigue limit the

interior is not work hardened. The line breadth in the interior is about the same

as that of the virgin crystal. Apparently for fatigue failure to occur it is neces-

sary that both the interior and surface region undergo sufficient work hardening.

The dislocation density-depth profile for fatigue specimens of 2()24-T3 aluminum

analyzed by means of a shallow-penetrating copper radiation, -7 Pm, is shown in

Figures 69 and 70. For these studies the depth profile was determined by increment-

ally electrochemically removing known amounts of the surface for each measurement.

The results in Figure 69 are for specimens with two grain sizes and for tests

carried out at two different stress amplitudes. In agreement with Taira and

flayashi, 148 the changes in the excess dislocation density at the surface can he

described by a three-stage sequence. A rapid increase in the dislocation density

occurs early in the region up to about 15 (Stage 1) and late (Stage ill) in the life.

%'"
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A region having a low slope is observed in the period from 15 to 95% of life. When

corrected for grain size159 the data from the two sources can be represented by a

single curve. In agreeement with the concept that fatigue faiture occurs when the

surface layer attains a critical work hardening value'4 0 , in this case the specimens

fracture at an excess dislocation density of approximately 15 X 109 cm- 2 . This value

was independent of the applied stress amplitude.

r'z&"' The data presented in Figure 70 were obtained from the double crystal diffracto-

me.er rocking curve analysis of Al 2024-T3 specimens cycled for various percentages

of tie fatigue life at +200 MPa corresponding to the proportional limit. Analogous

to the deformation characteristics of the monotonically strained specimens the p-x

profile reveals a higher -xcess dislocation density in the surface layer than on the

bulk. Up to about 0.15% of the fatigue life (N = 21,000) the p-x profile is similar

to that of a specimen strained in simple tension. At higher levels of fatigue damage

a trough appears at a depth of approximately 100 pm. With further cycling the excess

density at the surface and in the interior continues to increase and at fracture the

densities become essentially equal (Figure 71). The data in Figure 71 shows the

excess dislocation density of Al 2024-T3 measured with shallow (Cu) and deep penetra-

tion (Mo) X-ray radiation. For these specimens the copper radiation penetrates to a

depth of about 7 pm while for the Mo radiation the penetration depth is about 250 pm.

At the surface the excess dislocation density follows the usual three stage

behavior and fracture occurs when the dislocation density, p, is about 15 X 1(- cm-2,

The dislocation density measured by the Mo radiation is, of course, an average of

the densities from the surface to about a depth of 250 pm. According to these inea-

surements the average dislocation density in the interior increases slowly at first

and then at a rate more rapid than that at the surface. At failure the dislocation

densities are equal and the dislocation density must be uniform throughout the cross

section. The observation that failure occurs when the dislocation in the interior is

essentially equal to that of the surface layer is also found in corrosion fatigue and
stress corrosion cracking. 16 0

The dislocation density depth profiles for LO10 and 4130 steel specimens f.1tigued

for various percentages of the fatigue fracture life are presented in Figure 72

(Unpublished data). A conventional powder X-ray technique employing a cobalt target

was used to determine the microstrains, <2> 1/2 according to the Warren Averbach

method. The dislocation densities eiven in these figures were calculated from the
equation
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P (L) = 12 <> 2  (26)

,.-.,b
2

It should be noted that the absolute value for the dislocation density depends on the

assumption used to describe the relationship between the microstrain , <CL> and p;

* however, it is the relative change in the dislocation density that is of interest

in evaluating fatigue damage. Attempts to derive a meaningful relationship between

the particle size and the fatigue behavior were unsuccessful. The particle size

ranged from 2000 to 4000 A and an analyses showed that in this range the method was

not accurate enough to prevent scatter.

The pE values given in Figure 72 were calculated from Equation 26 at L = 50 A.

In many respects the pc-x profiles for the 4130 and 1010 steels are similar. In all

cases p. is higher at the surface than on the interior. Again, as with the 2024-T3

aluminum alloy, the dislocation density in the interior and in the surface of these

- steels increases with the fraction of fatigue life expended. For the 4130 and 1010

steels (Figures 73 and 74) there is a very rapid increase in the dislocation density

in the range of 10 to 20% of the life (Unpublished data). Afterwards the rate of

increase is much slower at the surface than in the interior. Of interest is the

observation that the dislocation density continues to increase in the surface layer

and the interior even though the material cyclically work softens.

In Figures 73 and 74 the curves were extrapolated to NF using a least mean

squares fit. For the 4130 steel the ratio of pe,s (surface) and pc,i (interior is

1.02 at N/NF = 1. The critical dislocation density at fracture calculated from

Equation (26) is 20.67 X 10 10 cm- 2 . For the 1010 steel the ratio pi/ps extrapolated

from the curves intersect N/NF = I at 0.92. The critical dislocation density is

16 X 1010 and 14.67 X 1010 cm- 2 , for the surface and interior, respectively.

The data presented in Figure 75 are the dislocation density values in the

interior and at the surface of 1040 and 4130 steels fatigued under constant total

strain conditions (Unpublished results). The peak to peak strain was 0.005. The

average number of cycles to failure for the 1040 and 4130 steels was 26728 and 27294.

After about 5% of the fatigue life the rate of increase in the dislocation per cycle

for the two steels is essentially equal. For the 1040 steel the slope is 6.53 X

I01 0 and 7.33 X 1010cm- 2 for the 4130 steels, respectively. Initially, the rate of
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production of dislocations is very high for both steels and the dislocation density

of the 1040 steel attains a value of about 15.3 X 1010 cm- 2 at 4% of the life while

that of the 4130 steel is about 7.07 X i010 cm- 2 at 7% of the fatigue life. An

extrapolation of the curves to failure indicates that the critical dislocation

density is 21.6 X 1010 and 14 X 1010 cm- 2 for the 1040 and 4130 specimens. Again

at failure Ps = pi.

INSTABILITY OF DISLOCATION ARRAY IN THE INTERIOR OF FATIGUED SPECIMENS

It is clear that during fatigue p i increases in the bulk, and this appears to

imply that permanent damage has occurred throughout the specimen; and yet it is known

that the fatigue life of metals is completely recovered when the surface layer is re-

moved after the cycling process. The answer to this apparent conflict is that the

defect structure in the interior is unstable without the presence of the surface

layer. The instability of the interior defect structure is demonstrated in Figure 70B

by specimens that had been cycled 75 and 95% of their life and after removal of 400 Pm

were cycled again at the same stress (200 MPa). The dislocation density determined

" from the rocking curves employing copper radiation declined very rapidly during the

initial recycling and, after about 200 cycles, reached a minimum that was approximately

the same as that of the original specimen. When the recycling was continued to 5% of

the fatigue life, the p-x profile over the entire cross section was the same as that

of the virgin specimen fatigued 5% of the life.

The reversion of the bulk dislocation content back to the virgin state when

fatigued specimens were cycled in the absence of the work-hardened surface layer ex-

plains the extension of the fatigue life by removal of the surface. The observations

relative to this instability imply that there is a strong interaction of the disloca-

tion in the interior with the surface layer. Since the dislocation density decreased

." when the surface layer was removed then, conversely, it is apparent that the disloca-

tion density in the bulk would not have increased during the cvcling without the

presence of the surface layer. In this sense, the increase in the bulk dislocation

density is controlled entirely by the surface laver, at least foir high-cvclE fatigue

processes.
The instability observations have important implicit ins rlative to the

influence of the environment on the work-hardening characteristics. They lead to the

concept that the work-hardening of the interior is dependent on the surface laver.
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Accordingly, an environment that inoft Iue nces the sIr ace l y'w r Wi II 11: i i t ect. th

work-hardening of the bulk. For this to occur, the sL rtss t 1(1 .ic 50 i t w Wi Lh

the dislocation array in the surface layer must act over Ion' istanc, L. tonle ivah Iy

dislocations generated at near-surface sources can act on other nearby oirces to

produce a domino effect. According to this model, the effecLive stress ictirig 0T tlii

dislocations in the interior includes, in addition to the applied stress, stress

fields emanating from the dislocation arrays in the surface layer. The dislocations

generated from interior sources will move toward the surface and react with disloca-

tions and dislocation sources in the surface layer.

MEASUREMENT OF FATIGUE DAMAGE

There are several ways to use the data of the type presented in Figures 69 and

71 for the determination of fatigue damage. As suggested by Taira and Honda, 14 4 the

line broadening from surface measurements may be used; however, in gen-eral the slopes

of these curves are low and small errors in the line broadening analysis can result

in very large errors in the estimates of the fatigue damage. But, the slope of line

broadening associated with the interior region as a function of fatigue life is

sufficiently high to provide an accurate measurement of the fraction of fatigue

damage. The data presented in Table 10 were obtained on specimens of A12024-T3 that

were fatigued at a series of stress amplitudes for various cycles. 4 3 Molybdenum

radiation was used to determine the average line broadening from the surface to the

interior. A calibration curve such as presented in Figure 71 was used to determine

the fatigue damage. In these tests, X-ray measurements were taken after each run to

determine the progress of damage. After the final block the specimens were fatigued

to failure. Table 10 compares the fatigue damage calculated from Miner's rule and

the equations derived by Kramer.136 In these cases the X-ray data closely predicted

the actual fatigue damage. The data presented in Table II, were obtained using

molybdenum radiation on specimens of 2024-T4 aluminum subjected to low cycle fatigue

at various strain amplitudes. 161  Again the agreement between the measured and

actual fatigue damage is excellent.

49g

K. . - o ° . - - - -.



"O:

TABLE 10 - COMPARISON OF CUMITLATIVE IDAMAGE ESTIMATES

FOR Al 2024 SPECTRUM FATIGUE SAMPLES

Number of Cycles Expended Fraction of Life
and Stress Amplitude Miner's Kramer X-Ray

Rule (138) Sample A Sample B

36 x 1O 3 cycles @ + 170 MPa 0.20 0.20 0.19 0.15

+7.5 x 103 cycles 0 + 210 MPa 0.40 0.31 0.29 0.30

+3.0 x 103 cycles P + 245 MPa 0.60 0.49 0.41 0.38

+1.5 x 103 cycles @ + 280 MPa 0.80 0.63 0.55 0.46

Cycled to failure 0 + 280 MPa Remaining Life

Sample A: N5 = 3.19 x 10 3  X-Ray 0.45 0.54

Sample B: N5 = 4.36 x 10 3  Actual (N 5 /Nf) 0.42 0.58

5 5

TABLE 11 - COMPARISON OF MEASURED AND ACTUAL FATIGUE

-. " DAMAGE FOR 2024 SPECIMENS [FROM REFERENCE 1611

Type of Measured No. Actual No.

Loading History of Cycles of Cycles

Remaining Remaining

Monotonic 3,000 cycles ( 1.0% Cmax 4,550 + 1,550 6,430

Spectral 2,000 cycles @ 1.0% emax 26,025 + 5,225 27,285

+10,000 cycles f 0.6% emax

+5,000 cycles @ 0.8% emax

Spectral 10,000 cycles 0 0.6% emax 22,230 + 3,230 19,842

+2,000 cycles @ 1.0% cmax

+5,000 cycles @ 0.8% cmax

Spectral 10,000 cycles 0 0.6% emax 20,000 + 3,230 22,730
+5,000 cycles @ 0.8% emax 20,600 + 3,230

+2_P000 cycles @ 1.O% -Cmav
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Although the above technique apparently is able to measure fatitue damage quite

accurately, a calibration curve is required. It is most unlikely under practical

field conditions that such a calibration curve would be available or could be acquired

easily. However, this difficulty can be overcome by taking advantage of the observa-

tions that failure occurs when the dislocation density or line broadening in the

interior becomes approximately equal to that of the surface layer. The value pi/Ps

is fairly linear with respect to the fraction of fatigue damage above about 10 to 2Y)'K.

Accordingly, with this method of estimating fatigue damage a structural item may be

withdrawn from service whenever pi/ps exceeds a prior set value, say 0.9 on the

basis that failure will occur when pi/Ps-)l.

It should be noted that methods other than X-ray diffraction may be useful for

determining fatigue damage. A technique that can measure the work-hardening in both

the interior and the surface layer with sufficient accuracy is necessary.

STRESS CORROSION

A number of theories have been advanced in attempts to explain stress corrosion

cracking (SCC); however, no single theory has gained general acceptance. it has been

proposed that SCC is a result of preferential dissolution. 16 2 - 17 0 However, the crack

velocities in SCC appear to be much larger than would be expected with reasonable

current densities or under freely corroding conditions. 16 7  Attempts to explain SCC

in terms of a decrease in the surface energy by adsorption also appear to he invalid

because the observed crack velocities are much slower than that expected from the

rate of transport of the adsorbent to the crack tip. The brittle-film model proposed

by Logan 16 8 and studied by a number of investigators 16 7- 1 70 also appears to be unable

to predict the crack propagation rates from a simple process based on the rate of

reformation of the cracked film. Accordingly, it has been proposed that the crack

velocity is related to the dissolution of the substrate at the cracked sites in the

film. The crack velocity in this case would he controlled by the repassivation pro-

cess to prevent dissolution. Again with this concept it is difficult to reconcile

the crack growth with the rate of dissolution. However, it appears that films may

play as important a role in SCC. 170

When considering the role of fiLms or the SCC environment it is not sufficient to

describe their influence in terms of film growth or dissolution rate only. Rather as"

discussed earlier the film and environmental conditions can affect the rate of
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formation of the dislocations in the surface layer and as; a consequence' aftt(,t thu(

dislocations in the interior. The indication that a meaningful relationship m~ight

exist between SCC and the Surface laver is suggested by the interrelationshlip of

fatigue and corrosion fatigue with the surface layer.

The surface layer stress data in Figure 76 are typical results obta'inled byV

straining Ti (6AI/4V) at various potentials in media that cause SCC. 1 7 1 'Similar

results are obtained for 4130 steel. Under th~ese environmental condition'; the

surface layer stress increases with strain in accordance with the well known rela--

tionship a.s = C s P" However, for the 4130 steel and Ti(6AI/4V) (Figure 77)

studied tinder a large number of environmental conditions the exponent n remains

constant but the coefficient Cs varies with the applied potential. These data cor-

relate very well with crack propagation and failure time measured oil compact tension

specimens. The data in Figure 78 show the relationship between the crack velocity

at a stress intensity factor of 32.9 MN/M 3 / 2 (30 ksi - inl / 2 ) and the surface layer

r stress coefficient Cs for the titanium alloy while Figure 79 shows the relationship

for the time to fracture. Similar relationships are presented in Figures 80 and 81

for 4130 steel. From these data it is apparent that Lhere is an excellent correlation

between the SCC behavior and the surface layer stress coefficient Cs .  For the ten

different environmental conditions used for the titanium alloy and the four conditions

for the 4130 steel the data can be represented by a single curve that is independent

of the potential and concentration of the solution. In brief, these data indicate the

SCC increases because of the enhanced formation of the surface layer.

More direct observations of the influence of the surface layer on SCC have been

made through the use of X-ray line broadenin in a manner analogous to that discussed in

fatigue. In 197 , Kamachi et al. 1 7 2 showed that the I (half-width) values measured at

the Surface of 304 stainless steel specimens exposed to 42% yiClc at various stresses

increased continously durin the exposure time (Figure 82). The values for specimens

exposed to the stane temperature and stresses in n iniert environment (paraffin oil)

ncreased a relatively small amount, initially, and after about 2 wr remaid constant.

The dislocation density-depth profile of 304 stainless steel tressed at 55(g of the

sield strength for various fraction m of the crackin, time, t , xponent is shown

Figure 83, in terms of crt-a o  where o i th half width mor the un ressed esci-

mens. These experimental daa show that a surface laer with a negative dislocation

gradient is; foried first. At t/tc = ().I tthe 6i values in the interior increase a rola-i

tta v -rmll imotnt yfto 15), whil t those kf the surface increase to a laut r. mirite-
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of arc. With further exposure the s values at the surface approach a cmnH tant v;iL.i'

of 7 to 8 minutes of arc; however, in the interior they increase const-Intiv. Simil ar

to the behavior found for fatigue, cracking occurs at 3i/ I = when t/t c = 1.

Similar results were obtained for 304 stainless steel specimens exposed at 0.75 of

the yield strength. In this case the s value increases very rapidly and rema i is

essentially constant at about 8 12 min. The 8 i increases with time at a slower but

fairly constant rate and again cracking occurs when s  = 12 minutes (Figure 84).

Similar dislocation density-depth profiles were also found for specimens of titanium

- (6AI/4V) and titanium-9 Al stressed in a CH4 OH-HCL solution.

It is apparent that stress-corrosion cracking cannot be viewed as a static case.

Rather, it should be viewed as a dynamic case wherein dislocation multiplication is

, occurring continuously. From these observations and those relating the surface layer

*to SCC resistance' 7 1 it would appear that crack formation is related to the stress

field associated with the accumulation of dislocations of like sign piling up against

a strong barrier at the surface in a manner similar to that experienced in fatigue. 14 )

A MODEL FOR STRESS CORROSION CRACKING AND FATIGUE

In many respects the kinetics of dislocation accumulation in fatigue and stress

"_ corrosion are similar. In both cases, at the early stages of damage the dislocation

density in the surface region is much greater than that on the interior. However, at

the later stages the rate of increase of the dislocation density in the surface layer

becomes slower than the rate of increase in the interior. In stress corrosion, cor-

"" rosion fatigue and fatigue, failure occurs when dislocation density in the interior

'.. and surface layer are essentially equal. The fatigue damage is not related in any

-" direct manner to cyclic work hardening or work softening since in both cases the dis-

-location density continues to increase in spite of the cyclic work softening behavior.

While it is quite apparent that media that cause stress corrosion increase the

dislocation density, the mechanism involved in the process is not entirely clear.

If it is assumed that surface sources are generated by the interaction of the SCC

medium, then it would be possible to increase the dislocation density by increasing

the number of surface sources. However, there is, at present, no conclusive

evidence that surface sources are generated or are activated in SCC. Another

possibility, and one that is very likely, is that the products of the reaction of

*R.M. Yanici, S. Weissmann, and I.R. Kramer. Unpublished data.
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the medium and the metal c';n influence the r ite of' accumul ,tion of ilsi ict i i t

the specimen through the introdtict ion of hydrogon ant the fornation o f Fii m that

retard the egyress of dis locations react ing with near surface sources. Wi t h t hi:

model hydrogen would increase the dislocation mobility and this would accordin gly

decrease the hack stress on the near surface sources to increase the rate of pro-

duct ion. The dislocations from these souirces would move inward and actuate sthirc.,a

in the interior. These dislocations, which are of opposite sign, would noy, trnw trI

the surface. Since the dislocation content at any time is a function of the rate at

generation minus the rate of egress as well as other modes of dislocation a' niti [a-

tion, the surface film may play an important role by impeding the egression rate.

A similar situation may be expected in the fatigue process where the ambient attt -

sphere is known to have a large effect on the fatigue life. The statement that the

dislocation generation is initially in the near surface region is in accord with the

observations that the dislocation density in the interior of fatigued specimens

decreases to the virgin state when the surface layer is removed. This implies that

the dislocation density in the interior would not have increased without the forma-

tion of the surface layer. Further, below the fatigue limit the dislocation density

in the surface layer increases while that in the interior does not. That dislocation

sources in the interior of a specimen can b activated by the stress field from the

S°,dislocations emanating in the surface layer can also be seen from a fatigue test

conducted in reverse bending. Using specimens of 7050 Al 6 mm thick, cycled in ftir

point bending at a stress amplitude of 0.85 osy, the dislocation density at 1/4 of

,- the thickness increased even though the stress, as calculated from elastic theory,

was very low (Figure 85).*

As suggested previously, 1 4 0 a fracture will occur when the stress associated with

- an accumulation of dislocations of like sign is equal to the local fracture strength,

provided that the barrier strength is high enough. At low barrier strengths plastic

flow will occur to relax the stress. Because the build-up of the surface Iayor is

not uniform, but varies from grain to grain according to its orientation and neighbrs,

there will be randomness in the location of the crack. Therefore, the observations

* that a crack will form when the average dislocation density, as measured on a largeL

* ":-. number of grains, attains critical value, implies that there is a very high prtha-

bility that in some gTrains the l,)cal stress will he equal to the fracture ;trt,,th.

' *Y. Oshida , Private commutn cation. Sracse T IsUge 1983.
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t' stmt he hbarriter s eitofte.;r , lvr may he made. According to

~-n'a ive r mod 1i tI raictiire will occur when

0 (1 G'bPa (27)1 F

r ~ !s-t s the resistive ,,tress in the motion of dislocations, G the shear

t he titir~e rs ve ctor , "1W F the local frace-ure strength. It is difficult

is) a r,4ion that has heen previously worck hardened; however, an order

oh-.ti -iiate can he male throuigh the use of a modified Griff ith concept.

2 E 1/2 (28)

ero. m-for iron, and assuming a can be represented by the mosaic size

! rim X-r;iv analysts and equal to 2000 A then the critical density required is:

p = 5.76 X i) 1 0 cm- 2

.1 -7*3' ~2d/m. This value is the same order of magnitude as
* - 'nasured perimentally (Figures 73-7)

,-rvoit ion that fai lure occuirs when the dislocation density is uniform

* 't c r;S sec(t iton appears to imply that cracks will- not propagate until the

r h ir-Ans to some critical value. Below this value the dislocation

I,! It i aI the p1 'ast i c Zonie aihead of the crack front will allow blunting to

Poothis; viino the stress field ahead of the crack front will increase

C' F, P

I~e - i I T) st t On on1 vacuu Lm effects -, the influence of environment on

ta. -i i Isc oi ilId he i-Ln tecrp1)re2tecd in terms of the formation of the sur-

*.T a iiPi (I di I cL i on g"eneri't ion an, '1ob)il itv . More direct evidence

ii( Ilivcr pies imp rtint roleC IUIis been o bt ined( eXperimelnt ill V, inl

* ti :1 I "lli -depth pro Ile of M\ 1 100 spec i mns. crept atL 073 K.
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Somewhat similar to that observed in fatirue, in stress corrorsion and in ini cxial

stress-strain behavior at room temperature, a surface laver forms in spec iments ,i

aluminum 1l100 when crept at elevated temperatures (Figure 86). n t ii s inVest i $:it ior

conducted at 673 K the steady state strain rate varied as a), indicat iy that the

creep process was dominated by dislocation climb. The dislocation densities w,,re

*'.. measured by the conventional X-rav diffraction technique using the Warren-Ave rbaeh

analysis described in the section under fatigue. Similar curves obtained for spec'i-

mens strained various amounts at a number of stresses also showed that the disl, teatil

density was higher in the surface region, to a depth of about 60-100 pm, than in the

. interior. The dislocation density Ps increases linearly whikIe pi is constLI t

with strain (Figure 87). At 20% strain ps > pi by a factor of 5.

The observations that pi remains constant as a ftuction of the steady state creep

strain is in accord with present concepts. However, the increase of p5 with strain

raises several questions. If it is assumed that the mobile dislocation density, p.1,

is proportional to the total dislocation density, then for uniform strain thrrughout

the cross section Pmili = pmsLs. Since in this case Pmi Pns then L, < Li,

where L is the average distance traveled by the dislocations. Accordingly a lar,e

compressive stress must be exerted to maintain uniform total strain in the cross

section. In this case a high stress gradient should exist that could eventually lead

to local instability. It is also possible to assume that while the total strain ,av

be uniform the plastic strain in the surface layer is larger than that in the interior.

The recovery rate, k, of the surface layer .. d the interior of Al 1I1I) spec i lens :

crept at 6730 K has been determined by noting the changes in the X-ray Ilie prof ile

using the Warren-Averbach method of analysis. In these investigations the recovery

of (1) the surface layer, (2) the interior without the presence of the surface layer

" :" and (3) the interior in the presence of the surface layer were determined. For these

measurements the specimens were cooled] rapidly after creeping and then heated rapidly

in a salt bath for various times. The specimens were held at 273 K during storage

0* and electrolytic polishing to Obtain the disocation density as a function of depth.

For the recovery of the interior in the presence of the surface layer, the speci-

-.- ins and neasuremeents were taken as a functin of time at the surface and in the

I.R. Kramer, R. Arsenautlt, and C.R. Feng. tUnpublished data.
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interior after removing about 100 pm. In contrast, the recovery of the interior

without the presence of the surface layer was determined by first removing the surface

layer by electrolytic polishing before the specimens were heated in the salt bath.

The data in Figure 88* are presented in terms of Equation (4), assuming a first

order reaction. This curve is typical of those obtained when the recovery was

conducted at 573, 623, and 673 K for all of the cases investigated. Initially

*the recovery rate is very rapid and after about an 80% decrease in p, the relaxation

rate becomes relatively slow. The surface layer and interior recovery rate constants

k in the fast region and k2 in the slow region are given in Table 12.

-.- TABLE 12 - RECOVERY RATE CONSTANTS OF SURFACE LAYER

AND INTERIOR WITH SURFACE LAYER PRESENT FOR
1100 ALUMINUM AFTER CREEP AT 673 0 K;

k, - FAST STAGE, kl[- SLOW STAGE

Surface Layer and Interior with
Interior Without Surface Layer

Surface Layer

Temp 0K Stage I Stage 11 Stage I Stage 11

kImin1 k11 min
1  kimin 1  k1 1min-

673 1.3 1 x 10-2

623 0.94 1.8 x 10- 3

573 0.69 3 x 10- 4  0.3 3.3 x l 4

523 0.46 4 x 10 - 5  0.2 4.6 x 10 - 5

Table 12 shows that the recovery rates for the surface layer and the interior without

the presence of the surface layer are the same. The recovery rate of the interior

when the surface layer is present is slower by a factor of 2 to 3 than that of the

surface layer. In all cases after a suitable length of time, that is dcpendent on

the temperature, the dislocation density in the surface region and interior are equal.
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The activation energies, U, obtained from measurements of the recovery constants

at various temperatures for the surface layer and the interior with and without the

surface layer are given in Figure 89. While the recovery constants in these cases

appear to differ, the activation energies are the same. The activation energy in the

fast region, U1, is 14.3 kJ/mole while in the slow region, T1, it is 127.9 kJ/mole.

Apparently, according to these data, at least two recovery processes must be active.

Because of the very low activation energy, U1, it appears that in the fast region the

recovery is dominated by dislocation glide. In the slow region, after about ai 80'<

decrease in the dislocation density the recovery appears to be dominated by disloca-

tion climb, as indicated by the observation that U2 is equal to the activation energy

for self diffusion.

The surface layer also appears to play an important role in transient creep at

low temperatures.'7 3 As discussed earlier the creep rate of Al, Au and Cu was found

to increase by a factor of about 100 when the metal was removed at a rate of 50 X

I0- 5 in/min. In an investigation of the creep behavior of polycrystalline aluminum

(99.997%) under constant stress conditions, the data were analyzed in terms of the

recovery of the surface layer stress and it was assumed that the back stress, oi, due

to the dislocation obstacles formed during creep in the interior did not relax. That

is, as was a function of creep strain 
tc and time, t while o i was a function of

*

Ec" From assuming the Johnston-Gilman Velocity, V, stress relationship that Vezo,

= PmbV (30)

the strain rate a may be written in terms of the mobile dislocation density pm and

the net effective stress a* as:

=kn am m*azo*
+ ( 1

at at at

again taking

* D  o i -C S  (32)
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whee G were a~ is the initial yield stress tile ianaly_;is sliows thalt

* . the net stress 0* acting oil the mobile dislocations increased during creep as:

G* =C*tn* (33)

n* (34)
ot t

where C* was a function of the applied stress and n 0.04 was independent of the

stress. However the mobile dislocation density decreased as a function of strain as:

<. pl = Pot 
*  (35)

-kp 1.7 (6
-- m
dt

Where p0 is the mobile dislocation density at t I and B a-1.46 and k 1.46 p 0 .

This rate of decrease of the mobile dislocation is close to a second order reaction

with respect to the mobile dislocations and is in accord with the assumption proposed

* by Li1 74 that the rate of decrease would follow a second order reaction. From

Equations (30) to (36)

=Kbp Co t (B+m*n*) (37)

This form of the equation, derived by considering the relaxation of the dislocations

in the surface layer, is of the same form as that usually observed, niamely:

",- atm (38)

It should be noted that the exponential terms do not vary with stress since B, n* and

m* do not change with stress, they would, however, ho expected to change with tempera-

L ture. The pre-exponential terms are funct ions of stress through P0 and C*; K is

the proportionally constant in Equation (38).

A consideration of the data derived by taking into account the recovery of

the surface layer leads to the conc dusion; that th dec reas in. the creep) rate is

associated with a decrease in the mobiLe d isocation i o ns t siice the net effective

9
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stress, p*, increases with time. The decrease in the mobile dislocations appears

to be caused by the interaction of two mobile dislocations rather than between a

mobile and immobile dislocation.

Since the surface layer strength, as, increases inversely with the specimen dia-

meter it should be expected that creep rate would be similarly affected. Since the

-fractional change of as with time is independent of its initial value, the rate of
,

relaxation will increase with increasing a . Therefore, a will increase nore

rapidly with time in the smaller diameter specimen in accordance with Equation (33).

The creep data presented in Figure 89 show that the creep rate does increase as the

specimen diameter decreases. The creep curves in Figure 89 were obtained from

aluminum specimens having a diameter of 0.033 and 0.150 in. at a stress of 4000 psi.

The grain diameter for both specimens was 0.1 mm.

DELAY TIME FOR CREEP

At low temperatures in high purity metals the delay time for the reinitiation of

creep after decreasing the applied stress has been reported to be associated with the

relaxation of the surface layer. 1 7 5 Using single crystals of aluminum, creep experi-

ments were conducted under constant stress conditions at 293 K. The specimens were

placed in the creep apparatus containing an electrolytic polishing bath of nitric

acid and methanol to remove metal at a constant rate. At a given strain, the stress

was reduced by an amount ATs, and the time td for the onset of creep was determined

from the deformation response measured by a variable differential transformer. As

many other investigators have found, when the stress was reduced the creep ceased for

a time, td, and then started only after a given period had elapsed.

The data presented in Figure 90 are the delay times for the onset of creep when

the shear stress Ta was reduced. In this investigation the initial shear stress

was 1250 psi and the rate of removal of the metal, was 12 X iq- 5 , 25 X 10- 5 and

g0 X 10- 5 in/min. The relationship between the delay time and the reduction of

stress is linear for a given rate of metal removal. The delay time is found to de-

crease as the rate of metal removal increases. The relationship between the slope,

dATd and the removal rate R is shown in Figure 91. The data presented in Figures

90 and 91 are directly related to the decrease in the surface layer stress caused by

the removal of the surface by the electrolytic polishing. From Equation (31) and

since V depends on T
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= o bKTM * (39)

where K and m* are constants. The effective stress may be expressed in terms of

Equation (9) and in the case where the surface layer is being removed.

A* = T - T- AT (40)
a 1 s

During the creep process when T a is decreased suddenly t* is decreased correspondingly

and the creep rate will be zero when T*<0. However, during the delay time period T.

is reduced by the electrolytical polishing and creep will start again when T*>0.

This is when:

ATs = ATa (41)

On the basis that the surface layer stress may be considered to decrease

linearly with distance from the surface an excellent correlation is obtained

between the calculated and experimental delay time. According to Equation (40)

creep will start again when

Sx RTd Ts = ATa (42)

where Sx is the slope of the surface layer stress with distance AX. In this example

for an applied stress of 1250 psi, y was 0.095, AX = 0.0025 in. and Sx = 0.1 X 10- 4 .

From Equation (42)

d(Ata)

d(td) SxR (43)

.%4
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The agreement between the calculated values as shown by the square point and -he

experimental data 's excellent (Figure 91). The delay time when only relaxation

of the surface layer is involved may be expressed as:

ATa s T s(0)e tdk

where Ts(0) is the surface layer stress before relaxation and k is the relaxation rate
constant. Since Ts(O) is a function of the initial stress and strain the delay time

will be dependent on these variables. At high temperature the delay time should depend

on the relaxation of both a and o i .

APPLICATIONS

As described in the earlier sections of this article there is a considerable body

of evidence that demonstrates rather clearly that dislocation sources at or near the

free surfaces are activated more easily than those in the interior. This behavior may

be expected simply on the basis, say for polycrystalline materials, that for plastic

deformation to occur the neighboring grains completely surrounding the region must

also deform. At the surface fewer constraints are present. In any case it appears

that large changes in the plastic deformation characteristics of many metals may be

altered by inhibiting the operations of near surface sources; thereby increasing the

creep, creep rupture, fatigue crack initiation, and stress corrosion resistance.

The data in Figure 92 was obtained from 304 stainless steel specimens that had

186been coated with titanium by vacuum deposition and heated to 1093C to diffuse

the coating into the base metal to form an alloy surface layer 40 pm deep. The

stress rupture life after a solution treatment at 10930 C and aging at 650' C was

increased considerably (Figures 92, 93). Compared to specimens that had not been

coated but given a similar thermal treatment, the stress rupture life was approxi-

mately doubled.

The life increased by a factor of 5 as compared with uncoated specimens that had

not been aged. The improvement in the stress rupture Life remained constant over the

temperature range investigated (7040-815" C). Figure 94 shows the changes in the

steady state creep rate as a function of agin time at 6500 C. In the quenched
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condition the creep rate was 4.6 x l(-3 /hr. It decreased rapidly with aging time

and for times greater than 2 hr the creep rate remained constant -I x I)- 4 hr- .

Uncoated specimens given the same heat treatment had a creep rate 6 times greater

than that of coated specimens. Of interest in this case for specimens that had been

coated but had not been given a diffusion treatment the stress rupture lite showed

little or no improvement.

The influence of surface layer alloying on the creep behavior of titanium (6AI/4V)

and 7075-T6 aluminum has also been investigated. 17 7 The data in Table 13 show the

effect on the steady state creep rate Es when Al, Cr, and Cu were diffused into

titanium (6AI/4V) and aluminum 7075-T6 specimens 3 mm thick. The depth of the dif-

fused coatings was 50 pm. Both the primary and steady state creep rates were

decreased by surface alloying. A typical example of the changes in creep behavior
is shown in Figure 95 for a titanium alloy (6 Al/4 V) that had a diffused aluminum

surface layer.1 77  In this case not only has the steady state creep rate been

decreased but also the primary creep region was practically eliminated. The data

in Table 13 are the steady state creep rate for titanium (6A1/4V) and 7075-T6

aluminum with and without diffused coatings. In some cases, the cs values are de-

creased by a factor of 38 for the titanium alloy and 54 for the aluminum alloy.

Again results were similar to those with 304 stainless steel: where the alloy coat-

ings had not been diffused into the base metal the creep behavior did not change.

Since the primary and secondary creep rates are reduced in those cases where

the limiting life is governed by the strain rather than by rupture, surface alloying

may be very effective. The data in Table 14 based on a limiting creep strain of 0.5%

show that the creep life may be extended by a factor of about 5 for the aluminum and

titanium alloys under the stress and temperature conditions stated. At 800' F the

creep life of the Ti (6A1/4V) alloy was extended by a factor of 3 when the applied

stress was 50,000 psi.

The fatigue life of metals can also be increased by surface alloying as seen in

Figure 96. In this diagram the fatigue behavior of annealed titanium (6 Al/4 V) is

compared with and without a surface alloy coating. 178 The specimens with a diffused

aluminum layer had an endurance limit of 67 ksi, compared to 56 ksi for the hare

specimens, when tested in reverse bending (R = -1). A similar improvement was

obtained for commercially pure titanium 125 coated with Cr, Ni, and Al. (Figure
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TABLE 13 - THE EFFECT OF SURFACE ALLOYING ON THE CREEP BEHAVIOR
OF TITANIUM (6A1-4V) AND 7075-T6 ALUMINUM

Stress Temperature Coating Cs R*
ksi (MPa) 0C

Ti (6 AI-4V)
80 (551.6) 260 0 1.3 x 10- 9 1

80 (551.6) 260 Al 4.4 x 10- 9  3

85 (586.1) 260 0 3 x i0- 8 i
85 (586.1) 260 Al I x 10-8 3

80 (551.6) 288 0 7.6 x 10- 8  1
80 (551.6) 288 Al <10-8 >8

85 (586.1) 288 0 1.66 x 10- 7

85 (586.1) 288 Al 4.3 x 10- 9  38

7075-T6

40 (275.8) 150 0 1.6 x 10- 6  I
40 (275.8) 150 Cr 4 x 10- 7  4

40 (275.8) 150 Cu 5.5 x 10- 7  3

35 (241.3) 150 0 5.4 x 10- 7  1

35 (241.3) 150 Cr 1.8 x 10-8 30

35 (241.3) 150 Cu I x 10- 9  54

25 (172.4) 177 0 6.8 x 1.-7 1
25 (172.4) 177 Cr 8.3 x 10-8 8
25 (172.4) 177 Cu 1.1 x 10-8 6
*R = 6, (bare)/, (coated).

97). In this case the endurance limit of the bare material was 28 ksi and for the

chromium-treated surface it was 41 ksi, an increase of 46 %. However, when specimens

of titanium (6AI/4 V) in the STA condition were notched after coating, Kt 2.fl7, no

* *- " improvement in the fatigue resistance was noted. (ert; in precaut ions shoul d hL

exercised in the choice of a suitable alloy coating. 178  Hard or soft alloy-rich

surface layers can be obtained depending on the coating material and diffusion

treatment. Although hard alloy surfaces are desirable since they affect the

.*. initiation phase of a fatigue crack, if the surfaces are too hard micro-cracks

can he produced by the heat treatment.
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TABLE 14 - IMPROVEMENT IN CREIEP .1 t' "IRFACtE

ALLOYED Al 7075-T6 AND i' (6Al/4v) KSrl)
ON 0.5% STRAIN LIMIT

Coating Time (min) Ratio

"'". Al (7075-T6), Temperature 300 0 F, Stress 45,00() psi

None 815 L.0

Cr 1,760 2.2

Cu 3,740 4.5

Ti (6AI-4V), Temperature 600'F, Stress 95,(0)0 psi

None 2,840 1.0

Ni 13,600 4.8

Al 9,500 3.4

Cu 11,560 4.1

Cr 14,700 5.2

Ti(6A1-4V), Temperature 800 0 F, Stress 50,000 psi

None 1,065 1.0

Cr 1,930 1.8

Cu 3,075 2.9

Ni 2,825 2.7

In general the mechanical properties are not adversely altered by surface

alloying. According to the data in Table 15, with the exception of the copper-

coated titanium specimens, the surface alloying (Al, Cr, Ni) did not impair the

ductility. The ultimate tensile strength and the 0.2% yield strength do not appear

to be affected by the surface alloy. The variations in these strength parameters are

less than 37. The proportional limit does, however, appear to be increased by about

8% for specimens with surface alloy coating with chromium or nickel. The mechanical

properties and ductility of surface alloyed specimens of 7()75-T6 aluminum are within

experimental accuracy, about the same as the bare specimens (Table 16).
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TABLE 15 -TENSILE PROPERTrIES OF COATE[) AND BARE TrTANI11M
(6A1-4V) SPECIMENS; TEST TEMPERATURE 70'F

Ul1t imate

Tensile Yield
Strength Strength, Proportional %of

Coating (psi) 0.2% (psi) Limit, (psi) Elongation

*None* 135,000 129,000 129,000 16-17

*Nonet 153,000 143,9000 133,0)00 9-10)

*Alt 150,000 137,000 137,000 14

Cut 146,000 139,000 137,000 3-4

Crt 155,000 146,000 144,000 12

Nit 149,000 143,000 140,000 8-9
*"As-received" Condition.

tSolution-treated and aged at 1700'F/2 hr and at 10000 F/4 hr.

TABLE 16 - TENSILE PROPERTIES OF COATED AND BARE ALUIMINUJM
97075-T6) SPECIMENS; 1EA'F TREATMENT = 900'F/2 hr,

WQ; 250'F/24 hr; TEST TFEMPERATURE 70OF

Ul1t imat e
Tensile Yield
Strength Strength, Proportional % of

Coating (psi) 0.2% (psi) Limit, (psi) Elongation

Bare 84,800) 77,500 63,000 16

Cr 82,000 75,000 65,000 18

Ni 83,500 74,000 67,000 18

-- C1u 83,400 75,000 63,500 18
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Since surface-active age n ts h ave a1 p)ritotn d t11( i (t Hi t h(' graI p I ani f

characteristics, it is to be expect(,d that theyIo" woul Id inltI itIIcj the f a igiue an1d stress

*corrosion behavior . Franke Ita *7 repo r ted ani imp11)rvemenI)t by a, rt .tr i 2 to

in the fat igue life of an SAE 4341) steel ,a magnesjunm al Io1v ( ASO 1-1124) and at cipper-

beryllium alloy (1 .75% Be) when tested a1s. a rot at iing be am1 i- oin' vi a Icilin I and

% dodecylamine. From the observat ions thait a;eres in conncenl" rat ion of oxyg"en anld /

- ~or water vapor increases the fat igue life and thatL organ;ic ni c shaving anI act iv(.

* polar group can react to form metal snaps, it wsconsidered that a practical method

for improving the fatigue and st ress corrosion resi stance coul d he achieved by impineg-

nat ing a porous anod ized coatijug onl a Iltur ilnuTn withi a Long (Chaina o igai[11c poljar

molecule. 18()1 l1 In this process it was assumed , a priori, that the meta-l soaips wouldI

form at the active dislocation sites and inhibit the reaction between the oxyge n/water

with the exposed metal . Coat inug the meotal with thle long chain polar mnolecuiles withot

the anodizing traumet does niot alter the fat igite life while in general , anod i. ed

coat ing per se tends to lower the, fat iogue life.

The fat igute curves in Figures 98- 1)0 were obt a ined f rom st anda rl comae rc iilIa1 :i ii-

nun alloy sheets 0.16 in. thick tested in fleXUre and in tension with and without a

*ceniter hole notched. The specimens were aniodized in a 15 %, suilphuric aicid bait iat

23'C at a current denst Lv of 15 amp/sq ft for 40 min to produce an aniodized coatingr

1) 005 i. hik. cotstic fa iutets, also used, were conducted on .14-n.ae

sheet material of 7()7)~-T6 alIuiminum 11 by 14 in. These paniels were tested liV means1-, olt

four al r-nodulate s pea k ers WiLth anI o u t puIt o f 8 ,0)) a co tis t ica watts andd an over-il

souind pressure oif 164 DB. InI these( tests, the criterion for f ai litre was taiken ;1s the

first sign of crack formaition ais viewed uinder a mtiagn ifyiiig gasof l0x. For cmipar-

ison purposes, spedimni, were :uoio d and hot wa'ter sealedi in the coiv\entioti manlier

(Figuire I1)1).1,92

Axi alteso fa gm vs ihtai n edi rn ei -4 ets ilh '1i ci ha;0 heeti anlod i kd an1d

*treaited with pahi1nitic ac'id shIow thati the f ti trtugith, 1.akin it P17'iinin

n c r eaise d f rom 15 0,1) to 23 MVlIi p I)i W11011 a1 ne0t Cit t t H r )I 2). I/wn e ( Fil ' 99h .

The fat igmIe stretgIth of specimensIL tes-ted in t loximr-1 fi it i 11it 4) ttnlI si

ti h, pec ei me t s weine t reniteod 1"i t 11 pm InIT i t Ic i I 11w n i Ia it S t' I i wan

incnt ini from l9,tin ps-i ti ')7 ,)nW) p-i. t is i itl nI tI ') tle 'r

f t ii, fiIi m, ;t rofe t h t for thle tree tvens o )I ntn t- h s '0 iI



In these rests no difference between the fatigue life of bare specimens and anodiz ed

specimens was detected. The same percentage of improvement in the fatigue strength

was indicated when aluminum alloys of 2014-T6, 2014-T6 Alclad, 5456-343, and 6061-T

were tested with the organic acids, amines and alcohols.

It appears that a large number of polar organic compounds are effective Ka

improving the fatigue life when impregnated into the porous anodized coating, as pro-

sented in Table 17. In the evaluation shown in Table 17 the number of cvcles to

failure at a stress of 26,000 psi was taken as a measure of the improvement in fatiL

behavior. In Table 17, the specimens designated as "polished- indicates that the

surfaces were mechanically polished to produce a bright finish suitable for ,etallo-

graphic examination. While the polished and anodized/water sealed specimen failed at

125,000 cycles, a very much greater number of cycles was required to fail the impreg-

nated specimens. For example, when valeric acid was used the number of cycles to

failure was increased from 125,000 to 15,300,000 cycles. The use of sebacic acid, a

molecule which contains a carboxyl group at each end of the chain, was almost equallv

effective as valeric acid. According to Table 17 the fatigue life was improved

substantially by impregnating the anodized coating with alcohols, or amines as well

as with acids. When inert fillers or organic compound that have and groups which d,

not react chemically with aluminum were employed as impregnants the improvement in

the fatigue life was minimal. The effect of impregnating paraffin oil, paraffin wax,

acetyl-acetone, sodium stearate and zinc stearate is shown in Table 18.

The data presented in Figure I1 show that in additon to the large increase in

fatigue life, as measured by the usual fatigue test, the acoustic fatigue life was in-

creased greatly when sheet metal specimens were treated with palmitic acid. The aver-

age fatigue life of the anodized panels was 83 minutes. In contrast, the earliest fail-

(re of the sheet treated with palmitic acid occured after 135 minutes, while a second

sheet failed after 315 minutes. One sheet did not show any signs of failure after

testing for 725 minutes. As may he seen in Figure 0I1, the rate of propagatio(n if the

crack was much slower in the sheets treated with palmitic acid than that. of the in-

treated sheets. The corrosilon and stress-corrosion resistance is ciii' mced hv anodized

and impregnated coatings as demonstrated by the behavior of specim ens of 2f)14-TO and

7075-T6 aluminum after anodizing and impregnating with docosanoic acid, (Ficires lIn,

103). The corrosion resistance of these panelIs was raited by a Copper :ccelceratevd

Salt Spray test (CASS) to measure the tendencv twards pitteing. In both the 774-Th
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I ABI V I - K V FFl !' OF V AR 1)! 5 St.!RFACE:-AC' [V V A( EINT S

()N T11 FI.KXIJAT. FAT IGIIJE LIFF OF AIII1i NUM
ALLO,(Y 7)7 5-'r6. STRESS A.11PLIUOF

2f M(I) psi [From Ref erence 1801

No. of Cycles

Surfajce Treaitment to i re

Pol I shed 1000

-Xi) .11N W ater-Sea led 125 '(Col

'lropiwiic Ac id ( C-3) 2,( SC ooo)

Valhr ic Acid ( C-5) 15 ,noio ,00()

Caprof c Acidl (C(-6) 9,200 ,000

Bt;ino i c Ac id ((C>8) 12 ,300) 000C

Ilecano ic Acid (C-IC)) 7,500,000

Laur 1 ic Acid1 (C- 12) B8,600 ,000

'I1v r i i ic Ac id ( C- 14) 1i ,600 ,00(

1'lit i c Ac id (C- t) 30 ) 000

Steiric Acid ( C-18) 8,700 ,000

'Joc,(sari) c' Acid ( C-22 ) 6,000)( , o))

Sehac 1c Acid 13 ,700),000(

ct y I AI coholI ( C-8) 6 0,0(r 000

(I e cvlI -X I c )h olI ( C- 12) 7 ,C000 , MW1

Dod 'jl a;m joe (C"-1 2) 18 , 50)0 'non

f I e hrd (iT i rn 3, 00) 'non

;rnd 20OI4-I6 it I- t i I startLed in 111L-s tlr . in ii hr whereas, in t he !mp regna ted
m teriI thIie p)i tt ingi, wad riv e d s i hs tai tja II v . In hot sal t water corrosion tests

tr i miregraed shee t were comlp IetelIy ionaf fected af ter 655V2 hr of expos;ure . Thle

-!r pa 7jai -)n Vt'-'t parllsI t hat We re ;iood i /od and wate*-r seai led we re hod b Iy cor rod e d. T he

ifi , T;ihl e 19 show the improvement in the stress-corros;ion cracking hbeh av io r

ftI .d hv ilo I z s lg aid i 1apre)gna;1t irTl~l w ith1 docosarli ;w ai d. Foi- coiverl i eric' th11is
C~~~~~~ t de~ra ' 1iAN) hntsed Ii the on) t rai vrs e aiid short

n.r ut In i, i r t Ire4 vairii Isal;: It, w:1t',r slit iml! , T1o1 Vi lur occlrrrcd

i r'rr lwi i ;;I t 'tirji'd I iirc' h t (i :1 rmmli I(Tr e!(r tinin( t 11;i ' i t h-;1 t

t it, r t r';l t r'rrI ts



TABLE 18 -EFFECT OF INEr FILLERS ON THE
FATIGUE LIFE OF ALUMINUM ALLOY
7075-T6 [From Reference 180]

Anodized: 15% Sulfuric Acid, 23'C, 15 Amp./ft2, 40 min

Stress No. of Cycles
Amplitude to Failure

Zinc Stearate 26 ,000 160 ,000

Paraffin Oil 26,000 675,000

Paraffin Wax 26,000 220,000

Acetyl Acetone 25,000 240,000

Sodium Stearate 25,000 165,000

Anodized & Water-Sealed 25,000 140,000

Anodized & Water-Sealed 26,000 125,000

The mechanism of how these polar molecules aid in extending the fatigue life is

not fully understood. The improvement in the corrosion and stress corrosion may he

explained simply on the premise that the .,ater cannot wet the base metal since the

contact angle between the polar molecules and water is very high. It appeirs in the

case of fatigue the improvement is associated with the reaction between the metal and

the organic molecules to form a metal soap that inhibits the reaction between the

metal with oxygen and water molecules. Apparently, the thick porous anodized laver

also acts as a reservoir and supplies the polar organic molecules to the advancing

crack front. This latter point is evident from the observations that the contact

angle is very high when a drop of water is placed on the freshly fractured surface of

a treated specimen, whereas it is zero when the water drop is placed on the fractured

surface of an untreated specimen. General observations on the nature of the propa-

gating crack indicate that the rate of propagation of the crack of the treated

specimens is much slower than that of the uint reated specimens, as shown for example

in the acoustic tests (Figure 101).
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TABI, L t ) 
- SI'RI-RS-C)RR)SI(ON: CRACKIN'(; OF 7n7 -'1h

IFro}m Re [erence 18,l]

T reatmient St res Fa i IIr2 T i me

. YS days

Test in bong Transverse i rection

Solution: 3.57 aCL + 11 V0 2

Bare 50 14

A+I) 50 N. F.
A+1) 75 N.F.

Solution: Ktre Beach (Natural Seawater)

Ba re 75 84
A&) 75 N.F.(366)**

Solution: Salt Chromate

Anodized and Chromate Sealed 85 5
Anodized and It2) SeaLed 85 4

A& ) 85 5 L

Solution: 3.5% NaCL

Bare 9) 3

7075-T73 90 100

Anodized and !,2{ Sealead 90 8

Anodized and Oil Seal ed 90 20
Shot Peened 90 41

A&1) 90 N.F.(255)

Test in Short Transverse Direct ion

Solution: Salt Chromate

- - An{ 1dizud and IH) ( Sea l d 80 ().1 hr)
* ~~Arodixozd aind Dis slrnito S(1 0i 0.2 ( hr)

,Fri m ire Res in 80 0.4 (fhr)
A\ I _____ 80 3.7 (0im)

*• .F. - Nrr ia lire.
**( ) - r-it inn )if test in day'-;.

A' 1) - Anod i zed arid Docosor Ac i di ._____ ____-
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As outlined throughout this article in many cases dislocation sources near the

surface are activated at a stress lower than those in the interior. Further,

especially in the case of fatigue the dislocation density in the interior will

decrease if the surface layer is removed. This type of behavior implies that the

fatigue life and creep resistance may be enhanced if a metal can he strain hardened

without the presence of the surface layer. As will be discussed in more detail

shortly, this can be easily done by prestressing the specimen and then removing the

surface layer by electropolishing or chemmilling.183,184 For convenience this pro-

cess is referred to as the SLE procedure. With this procedure, the near surface

sources at the new surface will be "work hardened" and the net effective stress

acting on these sources will be decreased for a given applied stress. In this manner

the rate of formation of the surface layer should be decreased. The effectiveness of

this treatment is shown in Figures 104-106. For the data in Figure 104, one set of

OFIIC copper specimens was fatigued in the annealed condition; in the other the speci-

mens were prestrained and the surface layer formed during the prestraining operation

was removed by electrochemical polishing about 0.01 in. from the diameter. For

comparison to determine the effect of prestrain alone, a series of specimens was

prestrained and tested without removing the surface layer. As a preliminary means of

determining the effect of removing the surface layer, specimens were prestrained at

23,000 psi. This stress is near the ultimate tensile strength and the prestress

could not be increased without causing necking. From Figure 104 it is apparent that

prestressing alone increases the fatigue life, and removing the surface layer after

prestressing increases it further. It was observed that the hysteresis loop during

the fatigue testing of the copper specimens was very wide and showed that plastic

flow occurred during the first compression cycle. This plastic deformation causes a

surface layer to form; however, this layer would be less effective in promoting

dislocation generation than that formed by the prestressing operation.

The effect of prestressing and removal of the surface layer on specimens of

7075-T6 aluminum tested in tension-compression is shown in Figure 105. After estab-

lishing the baseline fatig,,e curve, specimens were prestressed in the range of 40,000

to 80,000 psi and fatigue tested at 35,000 psi after removing the surface layer. The

optimum improvement in fatigue life was obtained by prestressing at 51,000 psi.

Prestressing above the yield strength caused the fatigue life to be less than that

of the unstressed material. 4s shown in Fiuru 1115, the 50,000 psi prestress and

surface removal treatment increased the fatigue limit at 11 7 cycles from 23,000 to

72



to 34,000 psi, an increase of about 48 %. At stresses above 4),i){)i) psi the two curves

coincide. From observations of the widths of the hysteresis loops duriig the fatigue

tests, it was apparent that some plastic flow occurred at stresses above 34,O() psi.

The width of the loop increased with increasing stress amplitude and it follows that

the surface layer was partially reformed.

The fatigue curves for 7075-T6 aluminum for specimens tested in tension-tension

are shown in Figure 106. In this case, the prestraining and surface removal treatment

- increased the fatigue at the higher stress; however, the fatigue limit at ]()7 cycles

was not affected. Several data points were obtained by fatiguing the specimens

immediately after prestressing to 60,000 psi. As shown in curve C of Figure 106,

- the fatigue life is less than that indicated by the baseline curve.

From observations on the hysteresis loops during the fatigue cycling, it was

apparent that some plastic flow had occurred at stresses above the fatigue limit.

This plastic flow could be a result of a Bauschinger effect in the case of the tension-

compression fatigue test and/or an unpinning of dislocations during the prestraining

operation. Because diffusion at room temperature is extremely low, these unpinned

dislocations could be available to aid in the reformation of the surface layer upon

subsequent stressing. To determine whether the fatigue resistance could be enhanced

further by aging, specimens were aged at 2500 F for 1.5 hr after the prestress and

surface removal treatment. These specimens were tested in tension-tension to avoid

" the Bauschinger effect. Although the data are limited, it can be seen in Figure 106

that the aging treatment increased the fatigue life at about 5(g,000 psi by a factor

of 10. Aging after prestressing without the surface removal lowered the fatigue life.

Similar effects appear when titanium (6AI-4V) was prestressed at 100 ksi and the sur-

face layer removed. In the untreated condition the fatigue limit was 77 ksi and in

the SLE condition it was about 85 ksi (Figure 107). The surface laver also influences

the crack propagation rate as shown in Figure 108 for a center-notched titanium

(6AI-4V) specimen 0.067 in. thick fatigued in air and in methanol-11NO 3 solution.149

The crack propagation rate da/dN, in terms of the stress intensity factor AK, is

given in Figure 109. At the low AK values the improvement was much larger than that

at the higher AK value. For example, as indicated by the arrow at 7.6 ksi 177n.,

the SLE-treated specimens had a crack velocity four times smaller than that of the

untreated specimens. Similar behavior was found in compact tension specimens of

4130 steel with a yield strength of 180 ksi (Figure 1l0).
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In keeping with the idea that dislocation sources near the surface are activated

at stresses lower than those in the interior it may be shown that the SLE process

also increases the creep resistance 18 5 of such metals as Haynes 188, titanium (6A]-4V)

and 321 stainless steel. As shown in Figure Ill for titanium (6AI-4V) at 6())°F, and

similar to the creep behavior found for the surface alloyed metals, both the primary

*-and secondary creep rates were reduced by the SLE treatment. Specimens of llavnes 188

and 321 stainless steel behaved in a similar fashion. Both the stress exponent

n = akn /ana as well as the apparent activation energy were reported to be

affected by decreasing the dislocation density in the surface layer (Table 20)). The

data in Figures 112 and 113 for Haynes 188 and 321 stainless steel, respectively, show

the changes in stress dependence of the creep rate by the SLE treatment. According to

Figures 112 and 113 the difference in the secondarv creep rate, cs, increases with

decreasing applied stress. The improvement is zero when the specimens are tested at

the same stress as the prestress. The ratio of the Eut, untreated, to that of

"SLE is shown in Figure 114 for a titanium (6A1-4V) alloy at 5500, 6000 and 65(0 F.

SUMMARY

A layer having a high dislocation density is formed at free surfaces of metals

during plastic deformation. There are, however, some investigators that have reported

that the surface layer has a lower dislocation density than the bulk of the material.

In any case it is clear that the dislocation density near the free surface differs

*... from that in the interior regions. A considerable body of evidence shows that the

-* plastic flow and fracture characteristics are affected markedly by the dislocation

sources that become operative in the regions near the free surface. Of the disloca-

tions generated at the near surface sources, depending upon the sign, some will move

into the interior while the others will tend to move out. The dislocation sources in

the interior will become operative when the sum of the applied stress and the stress

fields of dislocations generated at the surface region exceed the critical stress.

These interior dislocations would tend to move towards the surface. According to
@1this point of view there is an interactive process between near-surface and interior

sources. An interesting example of this interaction is found from observations that

"  the dislocation density increases in the region of the neutral axis of specimens

fatigued in reverse bending. In this region the applied shear stress, according to

macro mechanics concepts, is very low. In essence, dislocation multiplication

throughout the cross section of a specimen appears to be a cooperative phenomena
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TABLE 20 - INFLUENCE OF SLE PROCESS ON CREEP
* PARAMETERS (From Reference 185]

U-c, Material Condition Temp, 0 F n UKCal/mole

Haynes 188 untreated 1600 4.0 62

1400 4.0 62

SLE 1600 6.6 75

1400 6.6 75

321 Steel untreated 1200 4.0 88

1400 4.0 88

SLE 1200 8.5 137

1400 8.5 137

% Titanium untreated 500 2.0 28

(6AI-4V) 600 2.0 28

650 2.0 28

SLE 550 4.0 49

600 4.0 49

-_ _650 4.0 4

wherein dislocation sources operating in the surface region "punch" in dislocation

in the interior. The stresses associated with dislocations in the surface region

first act on nearly interior sources to cause dislocation generation. These

dislocations in turn act on other nearly sources further removed from the surface

to cause additional generation, etc.

It appears that the surface region acts in a dual capacity: (a) the free surface

region become a primary source for the generation of dislocations; and (b) the forma-

K., tion of the surface layer with a high dislocation density serves to impede the egress

K" of dislocations through the surface.

The surface layer plays an important role in fatigue damage as demonstrated by

r4r the observation that the fatigue life can be recovered completely by removing the

siurface layer, thereby decreasing the dislocation density in the interior as well as
I. t in the surface layer. In a number of cases it has been shown that during high cycle

e,. and low cvcle fatigue the dislocation density in the surface layer and in the interior

increase, and when they become essentially equal, fracture occurs. The ratio of the

-" dislocation densities, or a measure thereof, in the surface and interior may be used

to determine the amount of fatigue damage.

75It%
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In a manner somewhat analogous to fatigue, in stress corrosion cracking the

dislocation density in the surface layer and interior increases with time even though

the applied stress is constant. Again, when the dislocation density in the two,

regions become equal a propagating crack is formed.

In high temperature creep, T>Tm/2 a surface layer containing a dislocation

density that can be higher by a factor of five is formed. From the observations that

with increasing stress the dislocation density in the surfce layer increases rapidly

relative to the dislocation density in the interior, it appears that dislocation

sources operate much more extensively than sources in the interior. It also appears

that the creep rate is strongly influenced by the near surface dislocation sources.

In some materials such as Al, Cu, Au, and Ti the surface layer can relax as a

function of time. This may occur at room temperature for simple materials and at

elevated temperature for complex materials. This relaxation process appears to

influence the creep behavior. As a result the creep rate at low and elevated

temperatures may be decreased by surface alloying to inhibit near-surface source

activity and possibly to decrease the relaxation rate of the surface layer.

The surface layer has been found on a variety of metals, including gold.

Therefore, it may be concluded that while coatings of various types may enhance the

formation of the surface layer, it appears to be a fundamental characteristic of free

surfaces. The dislocation density of the surface layer is also a function of the

environment. In a vacuum environment for a given strain the work hardening of the

surface region is reduced, whereas in those environments that induce stress-corrosion

"-4 cracking and cause corrosion-fatigue failure the dislocation density in the surface

layer is increased.

r -r
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TEMPERATURE 30 0
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Figure 2 -Effect of Rate of Metal Removal at Various Currents
on the Stress-Strain Characteristic of a Cold Crvstal
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Figure 8 - Relaxation of the Surface Layer Stress for Copper (OFHC) at 297 K
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% Al 1100 ±9,700 50 49
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Figure 53 -Log N Versus Log P Curves for Al 1100, ARMCO Iron,
TI (6 AI-4V) and Al (7075-T6)
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