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HYDROGEN RELATED FAILURE MECHANISMS IN METALS

H.K. Birnbaum

Department of Meiallurgy and Mining Engineering
Universicy of Ilnois at Urbana-Champaign
Urbana, Mlinois 61801 U.S.A.

1. INTRODUCTION

The recognition of hydrogen as a ubiquitous and generally deleterious solute in metallic systems
dates to the nineteenth century when johoson (1) observed and reported mos: of the general
phenomena of hydrogen embritdement of sieels. Since that time a great deal of vescarch has been
carried out to extend these observations te other sysiems, both ferrous and non-iervous. The role
ol hydrogen, present as cither a solute or a® part of a gaseous atmosphere, has been recognized in a
varicty of ductile and brittle failures. Sines these have often resulted in serious engincering and
cconomic consequences. much effort has been directed towards characterizing and documenting
these failures. A related body of literature directed towards saess corrosion failures has simul-
tancously arisen. In recent years it has been increasingly recognized thai an intimate relationship
exists between hydrogen and some stress-corrosion types of failure. As a result of the previous
cfforts, the phenomena ol hydrogen related iraciure are well characterized but at the present time
our mechanistic understanding is somewhat faulty.

In the present paper we will review som - of the major aspects of the hydrogen related failures
and attempt to relate these to mechanisme of fraciure. No attempu will be made 1o completely
review the voluminous hydrogen literature (2); rather the effort will be directed towards under-
standing the general underlying principles which control the failures. An even more cursory review
ol the stress-corrosion literature will be awcempted (3) as we shall only place emphasis on those
aspects which are related to hydrogen failures. in carrying forth our discussion we shall take
cognizance of the fact that no single failure mechanism appears to be able to account for all of the
obscerved behavior. There appear to be a number of related mechanisms, each of which may have
applicability to a class of material and to a range of conditions.

There appear to be a variety of hydrogen related failure modes. In the presemi paper we shall
cemphasize the *“classical’ casc of hydrogen embrittlement in which there is a change from a ductile
to a brittle or cleavage lailure mode as a result of hydrogen present as a solute oc in the environ-
ment. Only cursory mention will be made of the ¢ffects of hydrogen on ductile failure modes (4)
or of clevated temperature failures caused by the interactions between hydrogen and other alloy-
ing clements such as O or C (5).

Mctal-hydrogen systems exhibit a greatly disparate range of behaviors. A large number of metals
form stable hydrides, i.c. compounds which are generally centered about stochiometric metal-
hydrogen ratios and in which the hydrogen solutes are ordered (6, 7) (Table I). The bonding of
these hydrides range from metallic to covalent to ionic and their stabilities differ greatly. All of the
metals which form stable hydrides are hydrogen embrittled. The amount of hydrogen in solution
which causes embrittlement is often appreciable. Hydrogen solid solubility in these systems can be
very large, ranging up to values of H/Metal = | and the heats of solution from the gas phase are
negative (Table 1). In contrast to these systems, non-hydride formers (Table I) generally have very
limited ranges of solid solubilities and have positive heats of solution from the gas phase. These
metals are also subject to hydrogen embrittlement, often at hydrogen concentrations as low as a




Fable I THERMODYNAMIC PROPERTIES OF SOME METAL - HYDROGEN SYSTEMS

Flement  Hydrides Al solution

(from gas phase)
(K} /mole)

Li Lall

Cu Cull +54.8

Au +56.9

Au +27.6

My Mgll,

/n 7."”2

Cd Cdll,

Al Alll, +25.2

Y Yil,, Y,

I'i (a) Till; (y) -45.2

1i (B) Tills (7) 58.2

/r (a) ZrH ) 5(y) 51,1

7r (B) Zrlly 5 () -64.5

v Vligs, VII, Vils -31.1

Nb NblIl, Nbii, -36.0

Ta Tall -34.0

Cr Crll, Crll, +47.7

Mo +51.5

w

Mn (a) -8.0

Fe (a) +28.0

Fe (B) +22.6

Co (hep) +20.5

Ni Nill +16.7

Pd Ptl -9.6

Pt +18.8

t solubility in cquilibrium with the hydride

AH formation
(of hydrides)
(KJ /mole)

-90.7

-74.5

-46

-235 (YH,)
-123.5

94.1

-17.3 (VHos)
-29.3 (NbH)
-20

20 (Pd, H)

* solubility in equilibrium with 11, gas at 5.7 Pa (1 atm,)

H solid solubility
at 300K
(H/Metal)

very smallt

<8x107*

<5x 10-%*
extremely smali*

<0.02%

2.4 x 10-%*

~0.2%
0.0014%

~1.0t
<0.01t

~ 1.0t

0.05%
0.05%
0.207F
<0.1 x 10-**
<0.1 x 10-**
cxtremelx small*
1x10°%*
3$x108*

<4x 105
<7.6 x 10-5*

0.03¢
<1x10-%*

Comments

hydride has
ionic bonding
hydride has not
been reported to
form from metal

hydride has not
been reported to
form from metal
hydride has not
been reported to
form from metal
hydride has not
been reported to
form from metal

Metastable hy-
drides form
Solubility at
T 2 700K
Metastable hy-
drides form
Solubility at
T R 1000K

NiH has been
formed by
electrolytic
charging and
under hydro-
static pressures
of about

5.7 x 10 Pa
(10 atm.)

il
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tew parts per million. A number of metals such as nickel exhibit an intermediate behavior, having
hydrides which are stable at high hydrogen fugarities but not at the conditions under which
cmbrittlement is observed. In view of the wide range of properties it would be fortuitous indeed if
asingle embrittlement mechanism could apply to all systems.

2. TYPES OF HYDROGEN RELATED FAILURES

The general classification “hydrogen embrittiement” includes a very wide range of phenomena
and types ol failure. In this section a brief summary of these phenomena will be presented.

Many ol the carliest observations of hydrogen embrittlement were associated with the forma-
tion ol high pressure hydrogen gas bubbles. These can forin as a result of cxposure to a high
hydrogen fugacity environment such as high pressurce gas, cathodic potentials in a corrosion en-
vironment or from a high supersaturation of solute hydrogen (8-15). The hydrogen {ugacity in the
internal bubble is less than or equal to that in the environment but can be as large as 10°
atmospheres; particularly in an clectrochemical environment. Formation of high pressure bubbles
is a particularly severe problem in materials where AHg > 0 as high supersaturations can occur on
cooling alter hydrogen solution at elevated temperatures and many ingot and weld defects in steels
and aluminum alloys result from these high pressure bubbles. Extension of these high pressure
bubbles by o low ductility fracture mode has been observed (16-18) apparently aided by the high
nternal pressures. These [Taws are usually observed near external surfaces and are termed “blisters:
or “flakes™ and have been observed in a wide range of ferrous (8, 9), aluminum (13), nickel (14),
and austenitic stainless steel (15) alloys.

The presence of a high hydrogen fugacity and the possibility of forming high pressure bubbles is
not necessary lor failure. In high strength ferrous alloys, embrittlement has been shown to result
from gascous hydrogen environments at pressures of one atmosphere or less (19, 20). Further-
more, many systems with Allg <0, in which high pressure gas bubbles cannot form as a result of
supersaturation during cooling, exhibit severe hydrogen embrittlement (21).

Hydrogen affects both the plastic and fracture properties. High pressure voids in ferrous alloys
generally are accompanied by very high local dislocation densities (16, 17). Severe cathodic char-
sing produces the same cffect on o more genceral basis and the stresses which accompany the
charging has been shown to result in martensite formation in unstable stainless steels (22). These
cffects result in a “work hardened” structure with a resulting increased yield and flow stress. In
addition, hydrides can act as precipitation strengtheners if they are present as a finely dispersed
sccond phase. Hydrogen can interact with dislocations as a solute pinner to cause yield points and
serrated flow (Portevin-LeChatalier effect) (14, 23-26). In general however, these effects are signif-
icant only at relatively low temperatures suggesting cither a weak hydrogen-dislocation interaction
or that the high hydrogen diffusivity (27) and concommitent drift velocity (28) allows the hydro-
gen to move with the dislocations except at low temperatures. In either case, solute hydrogen has
relatively hittle effect on the macroscopic flow properties of metals in the temperature range in
which major effects on the fracture behavior are noted (29-32).

In many systems, primarily [.c.c. alloys, the effect of hydrogen is primarily to decrease the
plastic strain to failure (4). Thus in austenitic stainless steels (33,34) for example, solute hydrogen
decrcases ductility but the mode of fracture remains a highly ductile microvoid coalescence.
Thompson has suggested (33) that this may result from hydrogen segregation at second phase
particle interfaces, thereby decreasing the interfacial energy and making it easier to nucleate voids
during plastic deformation. In material containing a high supersaturation of hydrogen and having
Al solution > 0, nucleation of voids also provides a “sink” for the excess solute hydrogen thereby
increasing the void growth rate due to the buildup of internal pressure. Alternatively, the solution
strengthening due to the solute hydrogen may limit the dislocation mobility and thereby reduce
the strain to failure in the manner observed in many solution strengthened alloys. At present the
relative roles of these effects are not known,

A more dramatic effect of solute hydrogen on the fracture behavior is observed in many of the
h.c.c. systems such as the ferritic steels, the Group Vb metals, in zirconium and in titanium alloys
as well as in many other systems (21). Over a wide range of hydrogen concentrations and tempera-




tures the ductility of these alloys are markedly decrcased and the fracture mode is changed from a
ductile rupture to a cleavage or intergranular brittle mode (21). The actual fracture mode depends
on a varicty of factors and the same system can fail in different manners depending on how it is
tested. In most metal-hydrogen systems, for example, testing at high strain rates and/or low
temperatures leads to a ductile failure mode whereas a brittle mode is observed at lower strain
rates or higher temperatures (35-42). Thus as we will see, the effect of hydrogen on fracture
appears to depend on kinetic as well as on static factors. One significant factor in controlling the
[racture behavior is the flux of hydrogen to stress concentrations at which fracture can initiate. In
many systems, such as Mo and W, the diffusivity of H at room temperature is low (27) and
pre-charging with solute hydrogen has no effect on the ductility or fracture behavior. If however
the hydrogen is produced at crack tips, as by cathodically charging during stressing, the systems
are hydrogen embrittled (43, 44).

In mctal systems which contain C, N or O another type of H related failure is observed at
clevated temperatures; “hydrogen attack™ (5). In these systems, high pressure gas bubbles are
formed as a result of reactions such as 2H+ O > H,0 and Fe,C + 4H > CH, + 3Fe. The driving
force for bubble formation is the high fugacity gas produced but the kinetics may be controlled by
bubble nucleation or growth which generally occurs at grain boundaries and second phase inter-
faces. Bubble growth appears to be controlled by motion of the metal atoms away from the
bubbles by ditfusion or by prismatic dislocation loop punching. The consequence of this bubble
formation is a catastrophic decrease in the strain to failure which rapidly occurs after prolonged
anncals during which no effect is noted. The failure mode is generally due to grain boundary
fissures and hence is generally intergranular ductile fracture.

3. KINETICS OF HYDROGEN TRANSPORT

In most systems which have been carefully studied, the kinetics of hydrogen related failures
have characteristics which suggest that they are determined by the transport of hydrogen in the
lattice or across the solid-gas interface. The details of these kinetic relationships are complicated
by the fact that the hydrogen flux is affected by stress gradients, interactions with dislocations,
and trapping at solutes. In the cases where the source of hydrogen is gaseous hydrogen or an
clectrochemical reaction, the specific state of the surface can affect the kinetics. Thus while the
mechanism of failure may not change, its manifestations may be drastically altered if the mobility
of hydrogen is changed.

In general, two sources of hydrogen may be available to initiate failure; internal or solute
hydrogen and cxternal (gascous atmospheres or corrosion cnvironments). In the former case the
hydrogen must reach the point at which failure occurs by diffusion (27) and/or by dislocation
sweeping (45-47). The hydrogen diffusivity has been studied in most systems of interest (27) and
is generally characterized by high values of the diffusivities and low activation enthalpies. In the
temperature ranges where embrittlement is observed the diffusivity generally exceeds about 107
em? sec’! and the random walk diffusion distance, X = 2,/ Dt, is therefore greater than
2x 10 1% ¢m in the temperature ranges where embrittlement occurs. Significant concentration
enhancement can therefore be expected at the points of fracture in response to the stress concen-
tration as will be discussed shortly. The b.c.c. metals having the highest hydrogen diffusivities (Nb,
V, Ta, Fe) also exhibit sensitivity to embrittlement down to the lowest temperature ranges
(= 77K) (21) while those with low diffusivities (W, Mo) gencrally are not embrittled by solute
hydrogen (43, 44). Similar generalizations can be made on surveying the behavior of the hep and
the fee metals. It has been pointed out (43) that hydrogen embrittlement requires the devclop-
ment of a critical hydrogen concentration at the stress concentration and that a uniform distri-
bution of hydrogen solute below this critical concentration will not cause embrittlement. The
return of ductility at low temperatures or high strain rates (35-42) is consistent with the necessity
for diffusional transport to points of stress concentration. The increased ductility in Nb-D alloys
compared to Nb-H alloys (48) also has been interpreted as reflecting the lower diffusivity for
deuterium.




The Mlux of hydrogen in response to stress gradients at stress concentrations such as cracks has
been discussed by a number of authors (49-53). As a result of the distortion field, €, around the
hydrogen interstitial, the chemical potential of the hydrogen (54) will have the form

u-uo=foijeijdv (1) |

on applying a stress 055. The chemical potential in the absence of a stress is uo while after
application of the stress it is g4 and the difference is the work to introduce the hydrogen into the
| stress lield. A stress gradient therefore results in a chemical potential gradient and hydrogen flux
occurs until the concentration at all points reaches the cquilibrium value,

| 0 € ;: dv
'| C=0GC, cxp d . ol (2)
‘ RT
C=C, exp [W/RT]
where Co is the concentration in the absence of stress. If only the volume change around the t
hydrogen is considered, this may be written '
as Vy
C=C, cxp (3)
RT

where gs is the spherical stress (03 =1/3 (04, +0;; +034)) and Vy is the partial mold volume of
hydrogen in solution. While the existing treatments of hydrogen flux in response to stress gradients
arc not complete, they do demonstrate the importance of this effect when considering the distri-
bution of hydrogen in non-uniform stress ficlds.

The diffusivity of 11 in metals is gencrally characterized by a low activation energy, of the order
of 0.1 ¢V in bee metals (27) and therefore hydrogen remains a mobile solute down to very low
temperatures. The diffusivity can be strongly decreased and the activation enthalpy increased by
trapping of the hydrogen at other solutes (55-58), at dislocations (55, 59, 60), and possibly at
other imperfections. Various trapping models (61-62) have been applied to hydrogen diffusion.
The effect of trapping on the diffusivity is most significant at low temperatures and is of impor-
tance in the temperature range where hydrogen embrittlement is observed. These trapping cffects
must be considered when the kinctics of hydrogen embrittlement are studicd.

In addition to transport of hydrogen by diffusion in response to stress gradients it has been
suggested (45-47) that moving dislocations can transport significant quantities of hydrogen as
solute atmospheres over large distances. This mechanism, based on one suggested by Cottrell (28)
requires a large binding enthalpy between the hydrogen solutes and dislocation traps. Such inter-
actions have been reported in a number of systems (63-65) with hydrogen-dislocation interaction
energies of about 0.3 ¢V. Experimental evidence for this deformation enhanced mobility has been
obtained during studics of the effects of plastic strains on hydrogen evolution (45, 66). These
experimental results and theoretical estimates suggest that at low strain rates the range of disloca-
tion transport can exceed that due to diffusion by a factor of about 10* (46, 47).

Thus solute hydrogen can move to the point at which fracture occurs cither by diffusion or
dislocation transport with appreciable mobilitics. In the case of external hydrogen environments
such transport may not be nccessary as the hydrogen is produced at the propagating crack tip
cither by adsorption and dissociation of the H; molecule or by chemically produced H atoms. In
1l gascous environments the hydrogen entry into the lattice takes place at clean metal surfaces
produced by the plastic deformation while in a corrosion or electrochemical environment the
surface may be kept clean by chemical dissolution. The behavior at the surface during a corrosion
reaction or during cathodic charging is poorly understood (67) and is discussed in greater detail
clsewhere in these proceedings (3). For the purpose of the present discussion two points should be
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cmphasized; (a) the chemical potential of H at the surface during an electrochemical reaction can
be extremely high thus producing a very large chemical potential gradient near the surface and (b)
the potential at the crack tip may differ greatly from that at an adjacent flat surface (67). Under
corrosion or clectrochemical charging conditions hydrogen entry at points of stress concentration
does not appear to be a limiting factor in the observation of hydrogen embrittlement. Indeed,
because of the high hydrogen fugacity at the place where it counts, the crack tip, embrittlement is
often observed under these conditions when it is not under milder hydrogen gas phase or internal
hydrogen solute conditions.

The processes occurring during hydrogen entry from the gas phase (68) consist of (a) physi-
sorption of Iz (b) molccular chemisorption (c) dissociation of H, (d) entry of H into the lattice.
All ol these processes are imperfectly understood and have been studied in only a few systems. i-
is not generally known which of the above steps control the rate of hydrogen entry into the solid.
Since some of these processes are thermally activated it is most likely that the rate limiting process
will depend on temperature. In addition, many, if not all of the above steps can be expected to be
malcrial specific and structure seasitive. The physisorption step involves Van der Waal bonding of
the molecule to the surface with an energy of less than 0.1 eV / molecule (69). Molecular chemi-
sorption has been discussed theoretically and been shown to depend sensitively on the structure of
the surface (70, 71). Experimentally this state has been shown (72) to have a relatively high
binding enthalpy of about 0.25 ¢V / molecule for hydrogen on nickel. Dissociation of the mole-
cule to atomic hydrogen is expected to be strongly site specific and therefore may require surface
diffusion of the chemisorbed molecule. These heterogeneous dissociation sites may be surface
steps or kinks or may be the intersections of imperfections such as grain boundaries and disloca-
tions with the surlace. Hydrogen-deuterium exchange cxperiments (73) suggest that surface steps
play a major role in the molecular dissociation process. The importance of this dissociation step in
controlling hydrogen entry is suggested by the increcased hydrogen embrittlement observed (74)
when dissociated molecular hydrogen is used as a gascous environment.

In addition to structural fcatures these surface propertics are extremely sensitive to the presence
of specific molecules. Very few experiments and only a rudimentary understanding of this aspect
of hydrogen transport across surfaces scrve to illuminate this subject. Inhibition of crack propa-
gation in steels ina gascous hydrogen atmosphere due to the presence of trace amounts of H, O,
0O; or SO; (19, 75, 76, 77) has been observed. In contrast, crack acceleration due to trace
amounts of 1, S has often been obhserved (77). These effects have been directly correlated with the
ability of adsorbed molecules to decrease or increase the rate of hydrogen uptake (77) but the
detailed mechanisms are not understood. In particular the synergistic effects of adsorbed molec-
ular species and surface structure on hydrogen uptake and cracking have not been examined. Even
relatively simple experiments on the pressure and temperature dependences of hydrogen uptake
and crack propagation have not been carried out in the manner which would assist in the establish-
ment of rate controlling mechanisms. In the surface entry steps listed above (a), (b) and (c) should
exhibit a lincar pressure dependence while (d) would vary as p%. The few experiments on the
pressure and temperature dependence of crack growth rates in steels (78, 79) will be discussed
shortly.

The attainment of conditions which lead to hydrogen embrittlement will depend in a large
measure on the lattice and surface transport processes discussed above. Unless hydrogen has
sulficient mobility in the lattice or across the gas-solid interface or liquid-solid interface to allow
the attainment of a critical hydrogen concentration, brittle fracture does not appear to occur. The
exact role cach process plays depends on the system and on the experimental circumstances. For
example lattice transport may control the crack propagation rate in a gaseous or aqueous environ-
ment il hydrogen entry at the crack tip is blocked but can occur at places other than the crack tip.
In addition, differences in hydrogen fugacities will result from different hydrogen sources and this
may determine the Kinetics and cven the occurrence of embrittlement. All of these factors influ-
ence the cracking kinetics but probably not the cracking mechanisms. There is no evidence that
the Iracture mechanism depends on the hydrogen source; indced all evidence indicates the con-
trary, as will be discussed.




4. REVIEW OF EXPERIMENTAL DATA

In this section we shall review some of the pertinent experimental observations associated with
hydrogen related failures in a wide range of systems. Emphasis will be placed on those results
which appear to be gencrally applicable and which bear on the failure mechanisms. Although the
presentation is divided into “internal”, “cxternal” and “stress corrosion” sources of hydrogen, this
is not meant to imply any differences in the basic failure mechanisms. On the contrary, we will
show that the failure processes are independent of the source of the hydrogen although the failure
kinctics may depend sensitively on this parameter.

4.1 INTERNAL SOLUTE HYDROGEN

The partial molal volume of solution of hydrogen in most metals is surprisingly large (about 2
ce/mole) considering its small jonic size. Consequently, hydrogen is expected to interact with
dislocations. Pinning by solute hydrogen has been observed (63-65) and manifests itself in yield
points and Portevin-LeChatalier cffects (14, 23-26) as well as increases in the flow stresses (29-32)
at low temperatures. These effects can be quite appreciable at low temperatures, as shown in Fig.
1, but in the temperature range where hydrogen embrittlement is obscrved, they are often small.
Since hydrogen gencrally has a very high diffusivity compared to other solutes (27) it can move
with the dislocations (28, 46, 47) and hence provides little solution strengthening except at low
temperatures.

The cffect of hydrogen on fracture strongly reflects this high diffusivity. As shown in Fig. 2,
Nb-H alloys (38, 41, 42, 80) cxhibit a ductile - brittle - ductile transition in their behavior as the
tensile test temperature is decreased. At clevated temperatures a high strain to failure and a ductile
fracture mode is observed and as the temperature is decreased, the macroscopic ductility decreases
and the fracture mode becomes cleavage. At a sufficiently low temperature where the hydrogen
diffusivity is decreased, a return of macroscopic ductility and a ductile fracture mode is observed
once again. Similar behavior has been observed in a variety of systems; V (36, 38, 39, 81), Ta (39,
82), Ni (32) and ferritic steels (35, 83). The correlation between the return of ductility at low
temperatures and the decrcased hydrogen diffusivity can be clearly seen by the inverse strain rate
cffect observed in these alloys (32, 38, 39, 41, 83) (Fig. 3). Increasing the strain rate increases the
ductility and at a sufficiently high strain rate the fracturec mode changes from a brittle to a ductile
made, particularly at the lower temperatures. This correlation is further supported by the isotope
dependence of the low temperature fracture mode in Nb-H and Nb-D alloys (48).

While results such as the above are not available for all systems, it appears that solute hydrogen
affects the fracture process only under conditions where it has sufficient mobility as previously
emphasized. Systems which have precipitated brittle hydrides, such as zirconium, exhibit cleavage
of the hydrides on stressing and ductile failure in the solid solution between the hydrides during
tension tests at room temperature (84, 85). The brittle hydride simply serves to decrease the
strength and ductility as would any brittle seccond phase. Completely brittle fracture can however
be observed in Zr-11 alloys containing precipitated hydrides at very low strain rates and at tempera-
tures where hydrogen flux to crack tips can occur (86, 87). In those systems such as Mo-H (43)
and W-I1 (44), where the H diffusivity is relatively low at room temperature, embrittlement is
observed only if the hydrogen is delivered directly to the crack tip as in simultaneous cathodic
charging and tensile testing.

In hydride forming systems, the dependence of the high temperature ductile-brittle transition
on the hydrogen concentration can be correlated with the solid solution-hydride solvus tempera-
ture. The fracture transition occurs at temperatures above the solvus temperature but parallels the
solvus temperature as the hydrogen concentration is varied (36, 38, 39, 41, 42, 81, 88). While this
correlation has been ascribed to stress induced ordering (38, 39), it has been shown (41, 42) in the
Nb-11 system that the fracturc transition corresponds to the onset of stress induced hydride
formation. ‘This correspondence has not been directly demonstrated for other systems. In the
Nb-1I and V-H systems a morc complex bcehavior has been observed at the high temperature
transition (38, 41) (Fig. 2). The macroscopic strain to failure exhibits a second very narrow
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Fig. 4 Fracture surfaces of Nb -0.08 at.%sH alloys tested at (a) 210 K (b) 180 K (¢) 120 K (d) 77 K. (Ref. 41)
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ductility minimum at temperatures just above the main ductile-brittle transition. As shown in Fig
4, there does not appear to be any significant change in fracture morphology throughout this
temperature range.

Inn the non-hydride forming systems, such as the ferritic steels and nickel, correlation of the high
temperature fracture transition temperature with hydrogen concentration has not been carried
out. In marked contrast to the hydride forming systems, which can exhibit ductile fracture at
room temperature even at hydrogen concentrations of the order of 1 at .%, non-hydride forming
systems are generally embrittled by very low concentrations of hydrogen, often of the order of 4
[ew parts per million. As the strength of these alloys is increased, the Cy at which embrittlement
occurs is decreased (9, 19, 26). A large number of studies have examined the effect of different
microstructures on the hydrogen embrittlement (34, 89, 90). In general, the high strength marten-
sitic steels exhibit brittle fracture along the prior austenitic boundaries at very low Cyy. Pearlitic
structures require much higher values of Cyy for embrittlement and the austenitic steels are rela-
tively insensitive to solute hydrogen in their fracture behavior. The austenitic stainless stecls
containing hydrogen exhibit a reduced strain to failure but the fracture mode remains predomi-
nantly ductile tn tensile tests.

The behavior of stainless stecls containing hydrogen or tested in hydrogen gas suggest that y
phase stability may be of great significance in determining the mode of fracture (91, 92). Sus-
tained load testing at stresses close to the ultimate strength has produced cleavage fracture in the
“unstable™ type 304 stainless steels while the *'stable™ type 310 steels do not exhibit any embrit-
tement. The lack of significant hydrogen embrittlement in macroscopic tensile specimens of type
304 stainless steels tested at typical tensile strain rates may reflect the low diffusivity of hydrogen,
as surface cracking has been seen (93, 94) and thin specimens are severely embrittled (35).

Systems containing solute hydrogen are susceptible to the phenomena of static fatigue (95)
which is illustrated in Fig. 5. This phenomenon, which has primarily been studied in ferrous
systems, corresponds to the nucleation and slow growth of a brittle fracture at stresses well below
the macroscopic yield stress. It has been shown that the nucleation stage is reversible, i.c., removal
ol the stress at carly times allows complete recovery of the material without any permanent
damage (96). The time for static fatigue failure at any stress and the stress below which no fracture
is observed increases as the hydrogen concentration decreases. The kinetics of the static fatigue
reflect the hydrogen diffusivity. Static fatigue failure i.c. slow crack propagation at constant stress
intensity has also been reported in Zr-H alloys (86, 87), and in a number of Ti alloys particularly
those containing the hep a phase (97, 98).

As may be seen from the above review, primary experimental attention has been focused on the
behavior of the B.C.C. metals as these appear to be most susceptible to solute hydrogen embrittle-
ment. With the exception of Ni (14), Pd (99), and Al (100), and austenitic stainless steel (34, 101)
alloys, the f.c.c. structure metals have not been shown to be significantly embrittled by solute
hydrogen. Nickel alloys exhibit intergranular embrittlement after thermal or electrolytic charging
with hydrogen; both processes Icading to high hydrogen supersaturations. At still higher hydrogen
chemical potentials, an extremely brittle nickel hydride is formed and leads to severe embrittle-
ment. Palladium alloys  having a high cnough hydrogen concentration to be in the 8 phase
(11/Pd 2 0.6) are quite brittle. High strength aluminum alloys do not exhibit hydrogen embrittle-
ment in gascous Hy (102, 103) or in the presence of atomic H (104) but are embrittled by the
presence of a small partial pressure of H; O (105). Intergranular fracture of high strength Al-Zn-Mg
alloys also results from solute hydrogen (13, 106, 107) at slow strain rates and this cffect is
reversible on removal of the hydrogen by a vacuum anncaling treatment. Under cathodic pre-
charging conditions aluminum alloys (13) cxhibit reduced ductility and both intergranular and
transgranular cracking.

A number ol the hep metals such as Ti (108) and Zr (109) alloys are severely embrittled by
solute hydrogen. These systems exhibit precipitation of hydrides on cooling the solid solution with
the structure and morphology of the hydrides depending on the cooling rate and on the hydrogen
concentration. Deformation of these two phase structures (hydride and solid solution) in tension
tests results in ductile failure of the solid solution matrix between cleavage of the hydrides (84, 85,
110, 111). Under sustained loading a slowly propagating cleavage fracture mode has been observed
(86, 87, 97, 98). In Zr alloys the slow strain rate fractures appear to result from stress induced

trations such as calculated with Egn. 3. The elfects of extremely high concentrations on individual
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hydrides at the crack tips. The boe.eo BT phase bas a high solubility for hydrogen and no
significant embrittlement of this structure has been reported. The hep a phase having a much
lower 1 solubility is severely embrittled; failing by a cleavage mode. In a - 8 alloys the fracture
appears to occur along the a - 8 interfaces (112). Although titanium hydride is stable and forms in
the a phase, its role in the fracture process has not been definitively established.

4.2 EXTERNAL GASEOUS HYDROGEN

As previously discussed, the mechanisms of hydrogen embrittlement appear to be independent
ol the hydrogen source, in contrast with ecarlier viewpoints. The kinetics may be markedly affected
by various transport processes and it is this which distinguishes “internal” from “external’ hydro-
gen induced fractures. Indecd the very occurrence of embrittlement may reflect these kinetic
factors as previously discassed. High strength nickel base alloys for example are not particularly
embrittled by solute hydrogen but are susceptible to hydrogen induced fracture in high pressure
hydrogen gas (113). This difference in behavior may reflect the low mobility of solute hydrogen
duc to trapping in the lirst case and the high hydrogen fugacity present at the crack tip in the
sccond. In considering the behavior of metals in gascous environments, two primary factors must
be discussed: the Kineties of transfer of hydrogen across the solid-gascous interface and the i
hydrogen fugacity which determines the hydrogen concentration. In this section we shall review
the literature only from the viewpoint of crack propagation kinetics.

Hydrogen embrittiement in high pressure gascous hydrogen atmospheres has been observed in
many aloy systems. Since the hydrogen solubility obeys Sieverts’ law, the hydrogen solute con-
centration increases with the (hydrogen fugacity)? and under equilibrium conditions the fugacity
ol hydrogen in internal voids will equal that of the external atmosphere. The formation of high
pressure internal gas bubbles can lead to embrittiement and has given rise to suggested hydrogen
cembrittiement mechanisms based on the formation of high pressure gas bubbles (114). Embrittle-
ment duce to such high pressure bubbles is only a subset of the failures associated with hydrogen.

Hydrogen embrittlement of high strength steels has been shown to occur at pressures much
below one atmosphere of H; (19, 115). Since the fugacity of any internal gas bubble can not then
excead the external pressure, fracture occurs as a result of hydrogen at the surface or as a solute in
cquilibrium with the gas phase. Oriani and Josephic (115) demonstrated the existence of an
“cquilibrium™ relationship between the stress intensity, Ki, and the Hy pressure shown in Fig. 6.
At a constant Ky the crack could be stopped or started by changing the gas pressure. This
relationship was isotope dependent with higher pressures being required for crack propagation in
D,.

Under less controlled conditions, the kinetics of crack propagation in hydrogen atmosphere are
somewhat more complex and have been studied by measuring the subcritical crack propagation
rate, daf/dt as a function of stress intensity, Ky, hydrogen pressure and temperature. The crack
kinctics usually exhibit a three stage behavior (Fig. 7) for steels (78, 116) and titanium alloys (79).
The stress intensity at which fracture initiates, Ky, is relatively independent of the H, pressure
once a critical pressure is exceeded and the crack velocity is initially very strongly dependent on
Ki (Stage 1). At higher Ky (Stage 1) da/dt has less dependence on the stress intensity and at still
higher stress intensities (Stage ) the Kig of the steel is approached and unstable crack propa-
gation which s independent of the presence of hydrogen occurs. Gangloff and Wei (78) have
reported that da/dt is independent of Ky over a very wide range of values in contrast to previous
results (117).

Crack growth rates in Stage [T show a very complex temperature dependence (78, 79). For
maraging steels at TS 273 K, da/dt increased with temperature according to an Arrhenius relation
with an activation enthalphy of =18 KJ/mole. The activation enthalphy was independent of the
H; pressure but the values of daf/dt were proportional to P“";‘. A maximum da/dt was achicved at
temperatures which incercased with Ky, At T'< 300 K, da/dt exhibited a negative dependence on
temperature and the hydrogen pressure dependence increased from a Py dependence to a s Py 15
dependence. The mechanistic understanding of these relationships is not presently available. It has
been suggested (74, 118) that the increase of da/dt with temperature and the p% dependence was
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indicative of kinctics controlled by lattice diffusion while the higher order pressure dependence
and the decerease of dafdt with temperature resulted from surface process kinetics. This interpreta-
tion has recently been challenged (78). The importance of the surface reactions is emphasized by
the sensitivity of da/dt to trace impuritics in the H, gas (19, 77).

Suberitical cracking kinctics have generally been studied for a gaseous hydrogen atmosphere. In
the few cases (86, 87, 119, 120) where solute hydrogen was used the curves exhibited mainly
Stage 1. In Nb-IT alloys (120) a lincar relation was observed between In (da/dt) and K; which
extended over the range 10-* € da/dt S 10-* m/sec. and which did not indicate the existence of a
threshold Ky, The temperature dependence of dafdt at constant K was an Arrhenius relation
whosc activation enthalpy agreed very well with that for H diffusion. In Zr-H alloys two stage
crack growth kinetics were observed (85, 87) and were accounted for by a theory based on stress
induced hydride formation.

Many alloy systems other than the stecels are susceptible to hydrogen embrittlement from a H,
gascous atmosphere.-Titanium alloys, particularly those having an acicular « - 8 microstructure are
embrittled on testing in H; gas over a wide range of pressures (121). The fracture morphology is
cracking along the a -8 interfaces as it is for “solute” hydrogen embrittlement (74, 97). Nickel
alloys such as Inconcl 718 are severely embrittled when tested in hydrogen gaseous atmospheres
under conditions where significant plastic deformation is occurring, i.e., in a slow strain rate tensile
test (122). Under stress rupture tests (where little deformation occurs) however, no significant
cffects of hydrogen atmospheres have been noted. This suggests that the embrittlement is con-
trolled by hydrogen transfer across the surface, a process which is aided by the formation of slip
steps. The Group Vb refractory metals would be expected to be severely embrittled on testing in
gascous il sufficient disruption of the surface oxide permeation barrier by plastic deformation
occurs. Similarly, other hydride forming metals such as Mg alloys and Al alloys should be severely
cmbrittled under conditions where the hydrogen fugacity in the gas is large enough to form the
hydride and where the tranufer across the metal surface is aided by plastic deformation. The fact
that such embrittlement # not generally observed probably reflects the efficacy of the oxides in
preventing hydrogen entry from the gascous phase.

L3 FRACTURE MORPHOLOGY

An understanding of hydrogen embrittlement requires a recognition of the various types of
fracture morphologics and paths which result from the embrittlement. The systems affected by
hydrogen group themselves into three classes based on the fracture morphology: (a) ductile frac-
ture (b) cleavage and (c) intergranular brittle failure.

In systems which exhibit ductile failure (34) the fracture morphology is unaffected by hydrogen
exeept to a secondary degree such as changes in the sizes of ‘“‘dimples” or microvoids which
characterize the fracture surface (33, 123). In most commercial alloys these microvoids are formed
at second phase particles. If the second phase particles are cohcrent or semicoherent hydrogen
appears to affect the nucleation of microvoids at the particle-matrix interface and the microvoid
density s increased and the average size decreased (33). The contrasting case is for incoherent
particles. where hydrogen assists microvoid growth thereby increasing the average size and de-
creasing the density (123). In these cases we must understand the effects of hydrogen on micro-
void nucleation and growth.

In systems which form stable hydrides the failure mode in the absence of hydrogen is ductile
whercas when hydrogen is added as a solute a cleavage failure mode occurs as shown in Fig. 4. The
Iracture mode is true crystallographic cleavage and in the Nb-H system has been shown to be
accompanicd by little local deformation (41, 42). This is true despite the fact that extensive
deformation may occur prior to failure (Fig. 8). Thus the fracture is somewhat anomalous as it is a
“brittle™ failure mode in a “ductile™ alloy. This point will be discussed subsequently. In the Nb-H
system the cleavage planc is the {110} (referred to b.c.c. axes) (41, 124) and has been shown to
correspond to cleavage in stress induced hydride (41, 42, 124). Single crystals of NbH hydride
exhibit {110 | cleavage identical to that observed in hydrogen embrittled Nb (124).
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Figz. 8 Fracture surface of Nb -1.0 at?%H specimen deformed at a temperature below the stress free solvus
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Cleavage is also obscrved in the other Group VB metals containing hydrogen as well as in Ti
alloys and Mg-Al alloys. In many cases the fracture morphology has not been carefully studied and
in others the cleavage plane does not correspond to the expected cleavage plane of the matrix. An
example of the latter is Mg -7.5% Al tested under stress corrosion conditions where it exhibits
cleavage on the {3140 ) rather than the expected hep cleavage plane {0001 }(125). Since systems
which form hydrides may fail by cleavage through the stress induced hydrides (see Section 5.5) the
Iracture plane would correspond to the hydride cleavage plane rather than the matrix cleavage
plane. In a Ti-8Al-1Mo-1V alloy having a Widmanstatten structure slow crack growth in a hydrogen
atmosphere occurs along the a -8 interfaces and titanium hydride is observed at the fracture
surface (112). A transgranular fracture which appears to be cleavage occurs in a phase Ti-8 Al-IMo-
IV alloys under stress corrosion conditions along a plane which is 15° from the expected (0001)
h.c.p. cleavage plane (98, 126). While the role of hydrogen in stress corrosion of Ti alloys is
somcewhat controversial (3) it is worth pointing out that the difference in fracture morphology
may reflect a difference in hydrogen transport kinetics rather than a difference in fracture mecha-
nism. In a - g alloys the g phase may provide a high diffusivity “‘conduit” for solute hydrogen
transport to the a - f interface where formation of a hydride in the a phase (which has a low H
solid solubility) can occur. The fracture by hydride cleavage would then follow the « - g interface.
In & stress corrosion test of a phase alloys, the high hydrogen fugacity may cause the formation of
massive hydride at the crack tip which would then fail by cleavage along the hydride cleavage
planc.

In non-hydride forming systems such as Ni and Fe alloys the hydrogen induced brittle fracture
cencerally occurs intergranularly. In the case of steels embrittled by solute or gascous hydrogen the
fracture occurs along prior austenitic boundaries with a decreasing amount of local plasticity as the
strength level or hydrogen concentration increases. Transgranular cracking has been observed in
Fe-Si (17) and in Fe (18) as a result of the high H fugacity which resulted from cathodic charging.
High strength iron single crystal whiskers (about 25u in diameter) have been tensile tested in H,
and 11, S gascous atmospheres (127). Despite the high strength of these whiskers they exhibited
ductile failure in all cases.

Hydrogen embrittlement of nickel alloys by solute or gaseous hydrogen also occurs by inter-
granular cracking (14). Single crystals exhibit ductile fracture when tested under conditions which
cause hydrogen embrittlement in polycrystalline specimens (128). The provision of a stress con-
centration by notching the Ni crystals has been recently reported to lead to transgranular cleavage
(129).

Recent results have suggested possible synergistic cffects between H and other solutes which
segregate at crystalline boundaries in steels and nickel alloys. Latanison and Opperhauser (130)
have suggested that scgregation of hydrogen recombination poisons, such as Sb and Sn, at grain
boundaries Icads to preferential H entry at such points during cathodic charging and hence to
mtergranular cracking. In stecls, Banerji et al (131) have drawn attention to the interactions
between those solutes responsible for temper embrittlement and hydrogen embrittlement. Inter-
granular hydrogen induced cracking at prior austenitic grain boundaries at low stress intensities
was observed in a commercial 4340 steel and in a *“*high purity” steel having low P but significant
Mn and Si levels. Both of these steels exhibited P segregation at the prior austenitic grain boun-
daries and were susceptible to temper embrittlement. In a high purity steel having low P, Mn and
Si levels, P oscegregation at the prior austenitic boundaries did not occur and H induced crack
propagation only occurred at high Kj values. In this case the fracture was transgranular and was
described by the authors as “rupture and cleavage”. (The published micrographs suggest a pri-
marily ductile rupture mode.) The implication of these recent results is that the form of hydrogen
embrittlement generally observed in high strength stecls, i.e. low ductility intergranular fracture at
low Ky, reflects the combined effects of hydrogen and other solutes segregated at prior austenitic
boundaries. This suggestion is supported by the iron whisker embrittlement studies (127).




5. MECHANISMS OF FAILURE

In the years since the role of hydrogen in reducing the ductility and /or the fracture strength of
materials has been recognized, myriad mechanisms have been proposed to account for the obser-
vations. These can be grouped into a few general classes as listed below:

(a) high pressure bubble formation

(b) surface adsorption cffects

(¢) plastic deformation effects

(d) decohesion

(¢) hydrnde precipitation
Since factors such as hydrogen solubility, hydride stability, hydrogen diffusivity, etc. differ so
widely among systems which are embrittled by hydrogen, it would be fortuitous indeed if a single
mechanism were responsible for embrittlement in all systems. No attempt will be made to identify
such a unitorm failure mechanism; rather certain mechanisms will be shown to be inapplicable,
others will be shown to apply in certain limited situations and others to have a more general albeit
as yet undelined apphicability.

As discussed earlier, it is important to distinguish kinetic factors from embrittlement mecha-
nisms. The manifestations and kinetics of embrittlement may be quite different when hydrogen is
present as solute or when it is supplied externally from a gaseous atmosphere or from a corrosion
reaction. These differences arise from the vastly different hydrogen fugacities as well as from the
spatial relationships between the hydrogen sources and the propagating crack and from the variety
ol hydrogen transport mechanisms. The different manifestations of hydrogen embrittlement do
not necessarily suggest differences in the fracture mechanisms.

5.1 HIGH PRESSURE BUBBLE FORMATION

thuh pressure hydrogen filled bubbles have been observed to form in a variety of metals having
endothermic heats of hydrogen solution under conditions of high hydrogen fugacity. The bubbles
which form can often attain internal pressures of the order of 10* atmospheres. Propagation of
brittle fracture from these high pressure bubbles has been observed (17, 18) and appears to serve as
a mechanism which reduces the internal pressure.

Hydrogen embrittlement mechanisms based on the formation of high pressure bubbles have
been proposed (114, 132, 133). In these mechanisms the driving force for crack propagation is the
nternal pressure ol the bubble or the sum of the external stress and the internal pressure. In
general these theories do not adequatcely address the question of how the fracture mode is changed
from a ductile to a brittle one by the presence of the high pressure bubbles. While the internal
pressure in the bubble provides an initial driving force for crack propagation, this would decrease
rapidly in the absence of a continuous source of high fugacity hydrogen. The observation that
fracture often occurs under conditions where such a decrease in bubble pressure must occur as the
crack propagates, such as embrittlement by solute hydrogen, suggests that the pressurized bubble
theory is not sufficient to account for the embrittlement. The observation of severe hydrogen
cmbrittlement by low pressure hydrogen gas where high pressure bubbles can not form (19, 115)
supports this point.

It has been suggested by Tien et al (134) that significantly enhanced local hydrogen fugacities
may occur by dislocation annihilation at other dislocations or at voids or inclusions under con-
ditions where the primary hydrogen transport mechanism is dislocation atmosphere dragging. If
such enhanced fugacity occurs it could affect the stability of micro-cracks formed by the dislo-
cation interactions as discussed by Bilby and Hewitt (135). The occurrence of such enhancement
in the presence of realistic hydrogen diffusivity values has however been questioned by Johnson
and Tirth (136). We may conclude that the formation of high pressure hydrogen bubbles, which
may occur only in systems having endothermic heats of hydrogen solution, can provide sites for
crack nucleation. The internal pressure can provide a driving force for crack propagation. The
question of why the material in front of the crack is embrittled is not addressed by the high
pressure bubble theories and it is this point which is pertinent to fractures which occur at low
hydrogen fugacities,




5.2 SURFACE ADSORPTION EFFECTS

As will be the case for a number of suggested mechanisms, it is difficult to draw a sharp
distinction between deercases in fracture stress due to adsorption of hydrogen at surfaces (and the
attendant decreases in surface energy) and to decreases in the “cohesive energy” (or atomic bond
fracture stress) at the crack tip. As discussed by Oriani (137), the two concepts are closely linked.
In the Peteh-Stables adsorption mechanism (138, 139) attention is focussed on the effects of
hydrogen on the surface energy of surfaces produced by an advancing crack while the “decohesion
model” discusses the effects on the atomic bond energy at the crack tip. We shall consider surface
adsorption cffects in the classic case of the Griffith criteria for crack propagation as first suggested
by Petch. A development of this fracture criteria which includes the effects of plastic strain at the
crack tip (140) results in similar conclusions to those based on the concept of a completely brittle
crack. In this formulation a necessary condition for crack propagation may be derived from the
encrgy balance during crack extension and may be written for plane strain as:

05 = [2yE/mc (1-0?)] % (4)

where af is the fracture stress, v is the effective surface energy, 2¢ is the crack length, E is Young’s
modulus, and v is Poisson’s ratio. In this proposed fracture mechanism, the principal effect of
hydrogen is to reduce the cffective surface cnergy v as a result of adsorption on the surface
produced as the crack propagates. The fracture criteria of Eqn. 4 can be combined (140) with
adsorption data for Hon Fe (141) to yield a relation of the form

In Py, =a +po; (5)

where a and § are constants which are known from the material properties and from the hydrogen
adsorption measurements and Py, is the hydrogen gas pressure. This relation has been tested
(140) against data for Py, vs Ky (stress intensity) for crack propagation and shown to be in poor
agreement.,

A number of objections may be raised to the surface adsorption embrittiement mechanism. The
cffective surface energy, ¥ which characterizes the fracture is generally very much greater than the
thermodynamic surface energy 74 and includes the energy of plastic deformation, yp which ac-
companics fracture. Hydrogen adsorption can reduce v but since v, is usually much greater than
vs the fracture stress will not be markedly affected. As shown in Table II hydrogen does strongly
adsorb on clean metal surfaces; but so does H, 0, O,, N;, etc. Indeed, these other species have
higher heats of adsorption and therefore reduce y4 to a greater extent than does H, . Nonetheless it
is known (19) that H, O and O; in trace amounts arrest hydrogen embrittlement rather than
cnhancing it.

Additional inconsistencics of this mechanism with experimental observations can be found. In
gascous 1, crack propagation velocities measured at constant stress intensity at T < 273K exhibit
an increase with test temperature rather than the decrease expected from an adsorption mecha-
nism (78, 79). While few dctailed observations of in-situ crack propagation have been carried out,
Johnson et al (95) reported that cracking occurs in the solid in front of the main crack at regions
corresponding to maximum stress triaxiality in stecls containing solute hydrogen; an observation
not in accord with surface cnergy reduction by adsorption. The discontinuous nature of crack
propagation has been noted in many systems. There is no a-priori rcason why the surface adsorp-
tion mechanism should result in anything but a continuous crack propagation. The “incubation
time” prior to crack propagation in a static fatigue test of specimens containing solute hydrogen
has been reported to be reversible upon stress removal in a number of systems (96). Hydrogen
adsorption on surfaces is not expected to be stress reversible.
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All the above evidence weighs against the applicability of a surface adsorption mechanism. It
should also be pointed out that the Griffith fracture criterion (or variations of it which account for
crack tip plasticity) is a necessary thermodynamic condition and may not be a sufficient condition
for fracture. Surface adsorption theories can not account for the observed phenomena.

Table II. ENTHALPY* OF CHEMISORPTION (142)

metal \molecule H o 3
Ta 188 "
b 188 649 308
Cr 188

v 130 544

Fy 134 314 o
Rh 117

i 126

*Units of KJ/mole

5.3 PLASTIC DEFORMATION EFFECTS

Plastic deformation at stress concentrations and crack tips can affect fracture in many ways and
a number ol mechanisms for hydrogen affected fracture have been based on the influence of
hydrogen on the plastic propertics of solids. In addition to these mechanisms discussed below, it
should be recalled that deformation can affect the kinctics of fracture by dislocation transport
mechanisms (which increase the effective hydrogen “diffusivity™) and by trapping effects (which
decrease the effective “diffusivity”). Furthermore, the stress ficld at the crack tip will depend on
the extent and distribution of the plastic zonc and therefore the stress dependent chemical poten-
tials of solutes and hydrides will be affected.

Solute hydrogen has been shown to have appreciable binding enthalpies to dislocations in a
number of systems (63-65) and therefore can be expected to have an appreciable effect on plastic
deformation. Hydrogen-dislocation interaction cffects are however mitigated by the high mobility
ol solute hydrogen in many systems, In Nb for example hydrogen atmospheres can drift with
dislocations at velocities up to 2 meters sec. -' at 300K and therefore do not exert appreciable
drag forces on dislocations at normal strain rates. The hydrogen solute strengthening effects have
been shown o be significant primarily at low temperatures where hydrogen can act as a relatively
immobile pinning point (29-32). The temperature range over which hydrogen can act as an effec-
tive dislocation pinning point will depend on the hydrogen concentration and diffusivity and
henee will vary between systems. Some of these dislocation pinning cffects have been discussed in
Sections 2 and 4.1.

In the case of the ferrous systems the reported cffects of hydrogen on the plastic propertics are
conflicting. Wilcox and Huggins (143) reported an increased Hall-Petch slope and a decrcased
friction stress in polycrystalline iron after hydrogen charging while Adair (144) reported the
opposite result. In Fe-0.15 Ti alloys Bernstein (145) has reported that solute hydrogen reduces the
lattice friction stress and increases grain boundary hardening. Beachem (146) has reported a
decreased yield and flow stress on hydrogen charging 1020 steel while Asano and Otsuka (147)
report increases in flow stresses in a variety of steels. Matsui et al (148) have reported extremely
large flow stress decreases in high purity iron and small decreases in less pure iron.

The most remarkable feature of these experiments is the diversity of the results from seemingly
similar experiments. One possible cause for this may be seen in the paper by Asano and Otsuka
(147) who show that stress relaxation occurs as a result of cathodic charging. This behavior is
indicative of dislocation generation or rearrangement and suggests that the introduction of hydro-
gen, particularly by cithodic charging, may cause irreversible changes in the dislocation structure
and therefore affect the flow curve in ways which reflect the detailed experimental procedure.




Several hydrogen related fracture mechanisms have been proposed based on changes in the
plastic properties caused by hydrogen. These too are rather divergent in their approaches. Stroh
(149) originally suggested that hydrogen embrittlement in steels could be accounted for by solu-
tion strengthening at the crack tip due to dissolved hydrogen with the concommittant decrease in
plastic accommodation and blunting and lcading to a decrease in Kj.. In this model hydrogen
impedes dislocation motion and increases the flow stress. It differs from other solution strength-
cning solutes only in its high mobility which enables it to move to the crack tip during crack
propagation. In dircct contrast to this point of view Beachem (146) has suggested that stress
nduced hydrogen segregation at the crack tip aids the plastic deformation processes (solution
soltening) which lead to failure. He views the fracture as an essentially plastic process which is
aded by hydrogen. The various modes of **plastic failure™, intergranular, quasicleavage or micro-
void coalescence are considered to be manifestations of the differing microstructures. A detailed
mechanism for the relation between the hydrogen enhanced local plasticity and the fracture
process was not proposed and has not been forthcoming,.

Lynch (150) has discussed a fracture mechanism for liquid metal embrittlement, stress corrosion
and corrosion latigue of aluminum alloys which is based on cnvironmentally enhanced crack tip
plasticity. While he has not specifically applied this mechanism to hydrogen embrittlement, it is
very closely related to the suggestion put forth by Beachem (146). Lynch suggests that surface
adsorption can lead to a decrease in the stress to generate dislocations at the crack tip and
therelore 1o intense localized slip at the tip rather than to the more generalized slip field observed
mn the absence of the environment. He proposes that the crack advance is by a slip process similar
to that proposed by Neumann (151) for fatigue crack propagation. In a fatigue test this slip
mechanism has been observed to lead to propagation of sharp cracks along crystallographic planes
cven in the absence of any environmental effects (151, 152). In a tension test however, the
mechamsm necessarily leads to crack blunting. Furthermore, fracturc on a {100}, as observed for
Al alloys, requires slip on the intersecting {111 }slip planes in precise amounts which depend on
the orientation of the stress axis relative to the {100 } fracture plane and the {111 }slip planes. It is
difficult to see how this slip ratio is maintained to produce {100} fracture over a wide range of
siTess onientations,

In applying a concept such as proposed by Beachem (146) and expanded upon by Lynch (150),
a critical question is how the adsorption of solutes such as hydrogen reduces the stress to generate
dislocations at the surface or alternatively how the presence of solute hydrogen decreases the stress
to propagate dislocations. In view of the conflicting experimental observations previously dis-
cussed, it is not obvious that cither of these necessary postulates can be supported. It may be
further noted that adsorption of species such as H; O, O,, etc. serves to stop crack propagation
duc to the presence of hydrogen and that all other solutes serve to increase the flow stress of
alloys. Further development of these concepts require that the eiiect of hydrogen on dislocation
generation and motion be understood.

Gilman (153) has viewed the hydrogen embrittlement process as a competition between plastic
slip and cleavage. In this view the occurrence of brittle fracture depends on the ratio of the
cleavage plane energy and the shear plane energy and this ratio varies with the environment. Plastic
failure occurs when the local stress at the crack tip is reduced by slip to a value below that
required to satisly the Griffith criterion and therefore inhibition of slip at the crack tip will lead to
cleavage fracture. Gilman proposed that this inhibition will result from the formation of a surface
hydride. Since slip will disrupt the postulated surface compound bonds (increasing the shear plane
energy, e, increasing the stress for slip) and hydrogen adsorption is also postulated to decrease the
cleavage plane energy, the formation of these surface hydrides shifts the failure behavior from
ductile to cleavage. Gilman also argues that surface hydrides form cven in those systems which do
not lorm bulk hydrides. Evidence in support of this surface hydride mechanism is rather limited.
Furthermore, the question of why other strongly bonded surface compounds such as oxides or
nitrides do not lead to embrittlement has not been adequately addressed.
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5.4 DECOHESION MECIHANISMS

In contrast to the mechanisms described in Section 5.3 which describe hydrogen embrittlement
as a plastic process, a class of mechanisms have been su;,gcslcd which relate the failure to hydrogen
clfects on the bonding of atoms. These “decohesion” mechanisms were originally suggested by
Troiano (154, 155) and have recently been cxpandul by Oriani and Josephic (115, 137, 140)
They are closely related to the “hydride formation” mechanisms discussed in Section 5.5 and to
the surface adsorption mechanisms discussed in Scction 5.2. These similarities as well as a number
ol important differences will be discussed.

The basic postulates of the decohesion mechanism is that brittle fracture occurs when the local
stress exceeds the atomic bond strength and that the presence of hydrogen as a solute decreases
the atomic bond strength. In both the decohesion and the hydride mechanisms, the plastic defor-
mation which precedes fracture and which occurs at the crack tip plays a role in the fracture
process but does not lead to hydrogen embrittlement per se. The deformation can affect the Ky at
the crack tip, may influence the rate of hydrogen transport to the crack (by disrupting the surface
oxide, by dislocation dragging or hydrogen trapping) or may influence the fracture process in
other ways. In this sense therefore, failure by decohesion is competitive with ductile rupture
mechanisms. [t is important to note that the decohesion process can occur in conjunction with
general plasticity in the solid as well as with local deformation at the crack tip. This latter point
has been emphasized by Thomson and Rice (156) who discuss the formation of an atomically
sharp crack shiclded by a plastic zone. Although the calculation is highly idealized and uses
Hookcean clastic clements to model the atomic interactions, they show that under the condition
that the activation energy for spontancous dislocation loop generation at the crack tip is greater
than zero, the tip of the crack may remain atomically sharp despite the presence of a plastic zone
around the crack.

The thermodynamic surface energy is related to the atomic potential energy, ¢ shown schemat-
wally in Fig. 9, whose depth is related to the surface energy/atom. The energy (defined as the
“cohesive energy”) required to reversibly break the atomic bonds across an atomic plane while
maintaining all other atom spacings at their cquilibrium values is the thermodynamic surface
energy. Since the derivative of the lattice potential with respect to atomic separation is the
external foree, F(x) required to affect this separation, the surface energy can be written

= (%)n | * F(x) dx (6)

where nis the number of atomic bonds per unit arca of the cleavage plane considered. Adsorption
ol hydrogen decrcases this surface energy. The decohesion mechanism postulates that hydrogen
produces a decrease in the maximum bonding force between atoms across an atomic planc as they
are being reversibly separated (Fig. 9). Since the “cohesive stress”, o is given by

0c =n Fmax = n 49 (7)

dx max

the basic assumption is that brittle fracture occurs a critical bond distance, re at which the local
applied stress exceeds 0. The variation of o and re with hydrogen concentration is not known
but it is assumed that o decrcases as the local hydrogen concentration is increased.

The main argument adduced to support this assumption is the decrcase of ¥ with H adsorption
on a clean surface. Since v is related to the integral of the bonding force F(x) (Eqn. 6), a decrecase
in v docs not necessarily require a decrease in FMax (and hence a decrease in oc)since the shape
and scale of ¢ is also expected to depend on the hydrogen concentration. The assumption of a
deerease in o¢ associated with a decrcase of y is however a reasonable one on the basis of the
functions used to model ¢ in a number of solids.
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The condition @ > o is necessary and sufficient for cleavage. If o is reduced sufficiently by the
presence ol hvdrogen in solid solution ductile behavior will be terminated by brittle fracture. The
primary difficulty in developing this theory lies in relating o to the local hydrogen concentration.
Presently accessible physical paramcters, such as v, measure the depth of the potential well or
relate to the shape of the potential well at the cquilibrium lattice spacing (elastic constants, atomic
force constants, cte.). The theory required to relate y or these other small strain parameters to o
requires a knowledge of ¢ which is not yet available for metals.

It is nonctheless informative to examine the dependence of these parameters on the H concen-
tration. Il a modecl lattice potential of the form:

A
$ ==t Be-x/p (8)

is considered (A measures the strength of the attractive interactions between the ion core and the
clectrons, duce to exchange interactions and other clectron encrgy terms while B describes the
repulsion of the closed ionic shells of radius p) we can write:

Yadx, =A[L 1]
o

.. 3%¢ A 1 2
C: = S e
ij & —r | X —,—xo ? Xo J (9)
99 A 2p
Ol — = [1-— ]
ox max x2 X¢

where x, is the lattice spacing. Since x4 depends only weakly on the hydrogen concentration, a
decrease of ¥ with Gy implies a decrease of A and therefore Cjj and o would also be expected to
decrease. Although the real situation is significantly more complicated than implied by this model
potential it does suggest possible trends.

Onc of the experimental complications is that those metals to which the decohesion theory of
hydrogen embrittlement has been applied (such as ferrous alloys) have extremely low hydrogen
solid solubilitics. Measurements of parameters such as G;j and phonon frequencies have generally
been made on other systems such as the Group Vb metals and there is no assurance that conclu-
sions basced on these measurements can be extended to ferrous alloys. The effect of hydrogen on
the clastic constants of a number of systems is shown in Table III (157, 158). For Nb and V alloys,
the measurements extend to about 2.5 and 4 at.% H respectively and for Ta the mecasurements
extend to about 20 at %; all of which are within the range of solid solubility. In contrast to these,
a single measurement of the shear modulus of Fe-H alloys (made with a torsion pendulum) has
been carried out at a concentration of about 170 at ppm in a highly supersaturated alloy (159). As
scen in Table 111, C44 and B arc increased and C' and G arc decreased by hydrogen. The increase of
Caa and B with hydrogen are particularly significant since the third order elastic constants of the
b.c.c. metals (150) lead one to expect a decrease of Cjj due to the lattice expansion associated with
Il in solution. The large decrcase of G noted for iron may be a significant indication of a decrease
in lattice potential curvature which is expected to accompany a decrease in o¢. In view of the
experimental difficulties under which thesec measurements were obtained additional confirmation
of this cffect is needed. The clastic constant results therefore do not generally support a decrease
in the curvature of the lattice potential at the cquilibirum lattice spacing (Eqn. 9) and therefore do
not provide substantive support for the decohesion theory.
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Fig. 9 Lattice potential curve (schematic) and the variation of the force required for separation of the atomic

planes with the interplanar spacing.
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Fig. 10 Formation of hydrides along slip bands in a Nb -0.94 at% H specimen held at stress at 126K.




Table 1. RELATIVE CHANGES OF THE ELASTIC CONSTANTS FOR lat.% H FOR
VARIOUS CRYSTALS

oy (o AB By 4 aC AG

—_— —_— — —_— —_—

Cij 1 ar %I B (:4 a Cl G

System

V-1 0.3 8.4 -18.3
Nb-11 0.7 18.4 - 4.7
Ta-ll 0.55 1.4 - 1.2
Fe-l1 -80

Neutron scattering methods have been used to measure the phonon dispersion curves of a
number of metal-H solid solution. In the Pd-H system the phonon frequencies are decreased by H
in solid solution as expected from the lattice expansion (161). In the b.c.c. Group Vb metals
however, hydrogen increases the phonon frequencies and therefore increases the atomic force
constants (162, 163). Again there is no evidence for a decreased atomic bonding due to H in
solution even for the very high hydrogen concentrations used for the neutron measurements.

Ncither the clastic constants nor the atomic force constants are casily related to the cohesive
stress o, as previously discussed. Caglioti et al (164) have attempted to develop a theory of
Iracture based on the atomic force constants and have related the cohesive energy to the energy of
the Brifllouin zone boundary phonons. Application of their concepts to hydrogen embrittlement
would require that the energy of the phonons at the Brillouin Zone boundaries be markedly
reduced in the presence ol solute hydrogen. The zone boundary phonons do not show any
significant decrease in frequency except at H concentrations in excess of 45 at % in Nb-H alloys
and even at concentrations as high as about 80 at % H the decrease is relatively minor (165).

In view ol our inability to relate the clastic constants and the phonon dispersion curves to o
and of our inability 1o carry out these measurements on metals such as iron, the conclusions drawn
must be rather teatative. The available evidence does not however suggest a marked decrease of
atomic bonding due to hydrogen in solid solution. On the contrary, the measurements on the
Group Vb metals are suggestive of an increased atomic bonding on alloying with hydrogen.

In addition to the uncertainty about the cffects of hydrogen on atomic bonding in the ferrous
systems, the concentration of hydrogen at the fracture tip is not well established. Embrittlement is
observed at average concentrations of a few atomic ppm of H but as discussed by Oriani (137,
140), the actual concentration at the crack tip may greatly cxceed this. The concentration in
cquilibrium with the crick tip stress ficld is given by Eqgns. 3 (Section 3). The concentration
enhancement, ¢/c, depends on factors such as plastic relaxation at the crack tip and can be related
to the crack tip stress intensity. It can attain values of 10 to 100 at sufficiently high stress
intensities and low temperatures. Since hydrogen embrittlement of steels takes place at average
concentrations of a few parts per million, even at these enhancements the local concentrations are
ol the order of 100 at.ppm. In view of the rather modest effects of hydrogen on the crystal
properties discussed above, it is difficuit to see how this low concentration can affect the average
lattice potential significantly. It must be realized however, that fracture does not reflect the
average potential at the crack tip but rather the potential of the most highly stressed atomic bond
and its immediate neighbors. In view of the lattice dilitation caused by a single hydrogen inter-
stitial it is precisely at this point where hydrogen would have the lowest free energy. Hence,
although the concentration enhancement due to the average local stress field at the crack tip may
be insufficient to affect the average lattice potential significantly, the atomic bond which is most
highly stressed can have a very high hydrogen concentration in its immediate vicinity and may be
greatly affected by the presence of the hydrogen. It is thus misleading to consider average concen-




trations such as calculated with Egn. 3. The effects of extremely high concentrations on individual
atomic bond strengths are of prime importance even though the average local concentration is
relatively low.,

An indication of the importance of solute segregation at the crack tip may be obtained by
varying the fracture made. Since hydrogen occupies the octahedral or tetrahedral interstitial sites it
should have o nonsspherical strain tensor, €. Therefore non-zero interaction energies may be
expected with shear as well as with dilational stress fields. The distertion field around hydrogen
interstitials in niobium has been shown to have cubic symmetry (166, 167) despite the occupancy
of the tetrahedral interstitial site which has tetragonal symmetry. If this result is also valid for
hydrogen in steels, concentration enhancement at the crack tip would occur for Mode 1 stresses
but not for Mode 11 or 1. Embrittlement has not been observed for Mode 11T stress fields under
conditions which cause embrittlement under Mode 1 stresses (168) which is consistent with a cubic
distortion ficld around the hydrogen interstitials in iron. This result also points out the importance
ol concentration enhancement by the crack tip stress field.

In a homogencous clastic solid the decohesion mechanism would result in continuous crack
propagation by bond rupture at the tip of the crack. Sonic emissions accompany the advance of a
crack in a hydrogen embrittled steel (140, 170) indicating that the crack advance is in fact
discontinuous. In a real material this would be expected due to the structural inhomogeneities and
the plasticity which accompanies fracture in a material such as steel. Hydrogen assisted bond
rupture could be expected both at the crack tip and at points in advance of the crack front at
which particularly high stresses existed because of the crack tip plastic deformation or at which
sccond phase interfaces existed. These cracks would link up with the main crack, possibly with
some degree of plastic tearing of ligaments, giving rise to discontinuous crack propagation and
sonic emission. A discussion of the decohesion mechanism applied to bond rupture in front of the
main crack front has been given by Gerberich (90).

The existence of an cquilibrium relation between H pressure, p and the stress intensity, Ky
required for crack propagation has been demonstrated for high strength steels (115). Under clean
surface conditions crack propagation could be initiated either by increasing K or the gas pressure
down to pressures of 7.5 x 10-* Pa (0.1 torr), The cquilibrium relations differed for H, and D,
gas. A variety of rationalizations (137, 140, 169) of this relationship have been presented in
support ol the decohesion theory but all assume that o is reduced by hydrogen. The models can
account for the measurements (if the above assumption is accepted) with reasonable values of the
model parameters. In particular Oriani and Josephic (140) have incorporated adsorption thermo-
dynamics and lincar fracture mechanics into the formalism to derive the relation

P K] Kf
| =y (Jteay(Jta, (10)
(Kl() = KI)I p"(l P

where Ky is the stress intensity at which the crack propagates, Ky, is the critical stress intensity at
zevo hydrogen pressure, p is the crack tip radius and a,, @; and a3 are constants which are known
from the material parameters. In order to fit the experimental data the crack tip radius was taken
to be lincarly proportional to Ky leading to the relation:

P "oy " 4
In | —— ] =a, Ki¥% +a;' K| +a; (11)
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A good fit to the data was obtained for reasonable values of the constants using Eqn. 11. A similar
relation was derived by Van Lecuwan (169).

The ability of a relation such as Eqn. 11 to describe the experimental data is consistent with but
not direct evidence for the reduction of o¢ by hydrogen which is the basic assumption of these
theories. What the experiments do support is the stress effect on hydrogen solubility, the effects of
crack tip parameters on hydrogen solubility and the existence of a critical hydrogen concentration
for fracture. The issue of how the fracture actually occurs, be it by a decrease in o, by hydride
formation or by some other mechanism, remains to be settled by more microscopic experiments.
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5.5 HYDRIDE FORMATION MECIHANISMS

Many metals which exhibit severe hydrogen embrittlement are also known to form hydrides. In
some systems, such as Group Vb metals and Zr alloys, precipitated hydrides have been shown to
nucleate cracks but the propagation mechanism and the embrittlement mechanism in the absence
of precipitated hydrides is still 4 matter of discussion. In other systems such as nickel and alumi-
num alloys, hydrides are known to form but only at much higher hydrogen fugacity than is
thought to occur during hydrogen embrittlement. In the following sections the role of precipitated
hydrides and stress-induced hydrides on fracture will be considered.

‘The mobility of hydrogen is sufficiently high in systems of interest to allow hydride formation
in the temperature range where embrittlement is observed (27). Most of the hydrides form by an
ordering reaction of the hydrogen interstitial solutes on a subsct of the metal lattice interstitial
sites. The metal lattice undergoes an elastic distortion and therefore the kinetics of hydride
formation are governed by the rapid hydrogen interstitial diffusion.

In a number of systems, such as Ti-H and Zr 1, the structure of the hydride which precipitates
at low temperatures (6, 7) (the & hydride (fluorite structure) or the metastable y hydride (f.c.
tetragonal structure) ) appears to require correlated shears of the metallic lattice as well as ordering
of the hydrogen interstitials. In these cases, the rate of formation of the hydride may be limited by
the inhomogencous deformation of the lattice rather than by hydrogen diffusion and ordering.

Refatively fitde is known of the propertics of most hydrides. The atomic bonding is usually
metallic in nature although ionic bonding (c.g., alkali metal hydrides) and covalent bonding (c.g.,
Mgll,, Bell, and possibly AlH,) are known to occur. The volume changes on forming the hy-
drides from the metal are often quite appreciable ranging up to about 25% and being negative for
the ionic hydrides and positive for the metallic hydrides. Few of the hydrides have been grown in
massive form due to their extreme brittleness and their tendency to powder as a result of the
colume change on formation. Recent single crystal studies (171) and T.E.M. observations (172) of
NbII have shown that (a) dislocations have very low mobility in the hydride and (b) the surface
cnergy (as measured by fracture mechanics methods) is not particularly low; being about 5000
ergsfem? for the {1101 In addition, the clastic constants (173) and phonon dispersion curves
(174) of the g NbH have been measured and these do not indicate any significant decrease of
atomic bonding compared to pure Nb. Nonetheless, the extreme brittleness of the hydrides is well
established; the g NbH phase can be readily cleaved along the {110} for example and there is little
plastic deformation which accompanies the fracture (171). While it has been suggested that the
reason for the hydride brittleness is a resistance to dislocation motion rather than a decrease in
atomic bonding (171), this is not well established. The high lattice resistance to dislocation motion
in the hydrides may stem from the disordering of the H interstitials which accompanies plastic
flow.

In the Zr-H system precipitated hydrides have been shown to crack at low temperatures while
the solid solution a retains its ductility (110, 111, 175, 176). The hydride acts as a barrier to slip
and the stress concentration at the head of the slip bands causes cleavage. Since the solid solution
is ductile, the crack is blunted at the hydride-a interface and at normal tensile strain rates at room
temperature the alloys fail by ductile tearing between the cleaved hydrides. This inability of the
cleavage crack, which forms in the hydride, to propagate as a cleavage crack into the a solid
solution may be due to low hydrogen diffusion rates in the a phase or to low rates of correlated
shears of the metal lattice; either one of which can control the rate of hydride formation. At
sufficiently low strain rates, the cleavage cracks in the Zr-H alloys do propagate in a low ductility
mode (85, 87) as will be Turther discussed shortly. Thus, we may conclude that while precipitated
hydrides can nucleate cracks they do not necessarily lead to low ductility failure in the solid
solution, In this sense, the precipitated hydrides act as do any other brittle precipitate. They
decrease the strain to failure by reducing the cffective cross-section of the specimen when they
crack. Completely brittle fracture, as observed in many systems, requires a mechanism for propa-
pation ol the cracks into the solid solution.,

In discussing the role of hydrides in embrittlement cognizance must be taken of the fact that
the metal-hydrogen phase relationships are extremely sensitive to stress (41, 42, 177-179). In fact
the published “cquilibrium” phase diagrams are “metastable” phase diagrams at zero applied
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stress. This distinction s significant due to (a) the large volume change on forming the hydride
lrom the sohd solution, (b) the low AH of formation of the hydrides and (¢) the low temperatures
at which hydnde preaipitation can occur. Since the hydrides are constrained by the surrounding
solid solution, a consequence of (a) is that they are under a high stress (compressive for AVigrma
tion > 0) and require both clastic and plastic accommodation (172, 177, 178, 180). The free
cnergy ol accommodation, AG, ccom = AGelastic + AGplastic, as well as the interfacial energy,
AGgartace. must be imcluded in the equilibrium between the solid solution, a, and hydride, g
which s governed by the equation:

AGa g = AGehem + AGelastic + /\“pl.l.\‘li«' + AGgurface (12)

ved for hydnde constrained by the a
phase s sighcantly reduced compared to the true equilibrium temperature defined as the equilib
num between unconstramed hydride and the solid solution.

As aconsequence, the af solvas temperature which is obse

In a speamen volume under stress, 045, the change in the hydrogen chemical potential causes a
change m the hydrogen concentration given by Eqns. 2 and 3. Equilibrium between the sohd
solution and the hydride s also markedly affected by stress due to the volume change on forming
the hydnde trom the solid solution. The true equilibrium or unconstrained solvus under zero stress
v delmed as the cquibibrium between a stress-free solid solution and a stress-free hydride, i.c., one
which is not constraied by the solid solution. This solvus is defined by the equation

Ce® = Aexp |AHKO/RTO | (13)

where Al @ s the relative partial molar enthalpy of solution of hydrogen in the a solid solution
relative (o the f iydride and Ajis a constant which depends on the entrapy changes on solution of
I m the a phase relative to the g hydnde. a stress is applied to the system this solvus is altered
due to the molal volume change on forming the § hydride from the a phase, AVag. The solvus
under stress s given by

Ce9 = Ce® exp lu,/\\’a‘;/R'l'r"l (14)

These solvas temperatures do not correspond to those observed experimentally as the hydride is
normally constraned by the solid solution and the AVgag is partially accommodated elastically and
partiadly by prismatic loop punching. The magnitude of these accommodation enthalpy (free
enerey) terms has been estimated (178) to be given by

2u (AVagh)
3y \Y

(15)

Agecom =

where y 14 /3B, u shear modulus, B - bulk modulus, and Vs the molar volume. Thus, the
solvas at zero stress with the bydnde constraimed by the solid solution is given by

G’=C° PlAH ccom/RT,? | (16)

Fhis i the solvas which would be observed on precipitation of the hydride from the solid solution
on the fust cooling eveles In the presence of an external stress the free energies of the solid
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solution and the hvdnde are altered as discussed above. In addition, however, the magnitude of
Allyecom will be affected by the external stress as part of the accommodation results from plastic
flow around the hydride. The magnitude of this change in AHgecom due to external stress has
been discussed for Nb-1alloys (178). The constrained solvus temperature under an external stress,
10 lies between the values of Te9 and T obtained from Eqs. 14 and 16 It is this solvus, T40,
which determines whether precipitation occurs under stress. At temperatures below Te9 the a
phase s metastable and if the accommodation free energy were reduced (by external work for
example) the g would form. These shifts in the cquilibrium between the a and g phases under
stress can amount to several hundred degrees. It should be noted that while these effects of stress
on phase cquilibria are quite general, they are particularly large for hydrides due to their low
enthalpies ol formation and large AV of formation.

Experimental verification of these effects has been obtained in a number of systems. Hydride
precipitation has been induced by the application of stress at temperatures above the T in the
Nbh-IT system (42). In addition, the application of stress has been shown to cause reorientation of
hydrdes in several systems due to resolution of hydride plates which are in an unfavorable
orientation relative to the applied stress and precipitation of favorably oriented hydrides (181,
182). Preferential precipitation of hydrides has been observed along slip bands in a number of
systems presumably caused by a decrease in AGyecom (42). An example is shown in Figure 10.

A qualitative mechanism for the stress-induced hydride embrittlement was proposed by West-
lake (183) and extended by a number of other authors. The mechanism is shown schematically in
Figure 11, Application of a tensile stress decreases the hydrogen solute chemical potential at stress
concentrators (which may be notches or dislocation pile-ups) and results in a flux of hydrogen to
the region. The hydrogen concentration increases until it attains a value given by Eqn. 3 at which
time the stress-induced chemical potential gradient is removed. However, the stress also decreases
the free energy of the hydride and when AGg g = 0 hydride precipitation occurs. The Kineties of
this process are controlled by the flux of hydrogen to the stress concentration. As discussed above,
the stress-induced precipitation can occur above the stress-free solvus, T, Once the brittle hy-
dnde Yorms, 1 cleaves (Figure 12), the crack runs to the g-a interface at which point it is blunted
by detormation in the ductile a matrix. The process described above repeats and the brittle
Iracture propagates by repeated stress-induced hydride formation and cleavage.

Dircct confirmation of this mechanism has been obtained in a number of hydride forming
systems. In the Nb-11 system formation of hydrides under stress at stress concentrations and at slip
bands has been direetly observed using SEM both above and below T (41, 42). Crack propa-
gation through the stress-induced hydride and continuous formation of the hydride at the crack
tip has been observed. The hydride was identified morphologically, and with clectron diffraction
and with S.LM.S. At temperatures below 300K the stress-induced hydride was shown to be Nbl
while at clevated temperatures the embrittlement was shown to be consistent with NbH; forma-
tion (124). The hydride was present on both sides of the crack surface and the crack plane was the
{110} consistent with that obtained from hydrogen cleavage. Hydride formation at crack tips has
also been observed in the V-H (184) and the Ti-H (108) systems using T.E.M. methods. Less direct
but nonctheless convineing demonstrations of stress-induced hydride formation associated with
crack propagation during hydrogen embrittlement of Ti alloys have been reported (185).

Crack propagation Kinctics in Zr-H alloys have been shown (186, 187) to be quantitatively
consistent with a model based on stress induced flux of hydrogen to the crack tip and stress
induced hydride formation. This theory accounts for the common observation of a cleavage to
ductile fracture transition as the strain rate is increased or the temperature decreased on the basis
that the crack propagation is controlled by hydrogen flux to the crack tip. At high strain rates,
ductile fracture behavior is obtained because insufficient time clapses before ductile fracture to
allow hydride formation. The same phenomena, i.c., the return of ductility and ductile fracture,
occur on decreasing the hydrogen diffusivity by lowering the test temperature or by using deute-
rium alloys. Recent crack propagation studies in Nb-H (D) alloys have been in general agreement
with the theory developed for Ze-H alloys (120). While the kinetic studies are consistent with the
stress induced hydride mechanism they do not provide direct support. However, in combination
with the direct hydride observations the total support is very strong.




P""
vl s R — e t——
|
1
I i
JN JH
i
A/ “
|
| GRS
|
|
|
PR e
o o J
| H
|
i |
i
(a) l (b) | (c) (d)
Fig. 11 Schematic showing the mechunism of hydride embrittlement by stress induced hydride formation. (a)
flux of hydrogen to the crack tip due to the reduction of the hydrogen chemical potential in the tensile stress field
(b) formation of the hydride due to the reduction of the hydride chemical potential by the applied stress (c)
cleavage of the hydride along its cleavase plone resulting in crack advance.
14 Fue 12 Appearance ol region in front of the main crack tip ina Nb 0,15 at.%H specimen tested at 150 K. The

cracks are along {110 [planes of the stress induced NbIL (Ref, 42)




The observation ol embrittlement in hydride-forming systems above the stress-frec solvus has
led o suggestions that embrittlement may occur with hydrogen in solid solution or as a result of
pre-precipitation clustering (38, 39). The cxistence of two ductility minima in Nb-H alloys (38,
41) was accounted for in this manner (38). In view of the demonstrated shifts in the solvus
temperature by external stress, it does not appear appropriate to invoke a different solid solution
mechanism for fracture above T¢®. The stress shifts in the solvus Tg0 were shown to be adequate
1o account lor embnttlement above Tg® and the double minima in the strain to failure was shown
to be consistent with the changes in hydride ordering in the § NbH hydride (41, 42, 124). Stress
mduced hydride cracking was also shown 1o be the crack propagation mechanism above T, (41,
42).

The occurrence ol large amounts of plasticity prior to cleavage fracture (Figs. 2 and 8) has been
suggested 1o be a reflection of the shifts of the solvus temperature during work hardening (41, 42).
In this view plastic delormation and hydride precipitation and cleavage are competing processes.
The sohid solution s ductile and would fail in a ductile manner unless the stress during deforma-
tion shifts Tg? sutficiently to allow stress-induced hydride to form. Occurrence of the hydride
lorms and therefore the strain to failure depends on the thermodynamics of the hydride in the
detorming specimen as well as the kineties of H transport. A convincing demonstration of this is
provided by the work of Sasaki and Amano (188) who showed that solute trapping which sta-
bilizes the solid solution relative to the hydride decreases the hydrogen embrittlement.

While the stress-induced hydride cracking mechanism is strongly supported by the behavior of a
number of metal-hydrogen systems, its range of applicability is not yet established. In Ti alloys,
lor example, the complexity of the microstructure has confounded attempts to obtain direct
conlirmation of stress effects on the hydrogen solvus or of the mechanisms of embrittlement. In
a4 alloys contaiming I, the Iracture appears to occur along the a-f interfaces and it has been
proposed that this results from the formation of hydride (185). The H solubility and diffusivity is
much greater in the g phase than the a and the g may act as a high diffusion conduit to bring
hydrogen to the crack tip at which point it precipitates as a hydride in the a phase and cracks. A
layer of titanium hydride has been observed along the tracture surface for titanium alloys having a
Widmunstatten structure which were fractured in dry hydrogen gas (185).

In other alloy systems where hydride formation is possible, the evidence in support of any
cmbrittlement mechanism is rather conflicting. Bursle and Pugh (3) reviewed the evidence for Mg
alloys and tor Al allovs which were fractured in hydrogen gas and in stress corrosion environments.
While there as inercasingly strong evidence that hydrogen enters into the stress corrosion fracture
ol these alloy systems, and while there is some evidence for possible hydride formation during the
fracture, the situation remains rather inconclusive. In these alloys there is no direct evidence for
stress-imduced hydnide formation,

In nickel-base alloys, hydride (NiH) can form by cathodic charging or at high H; pressures
(~ 10,000 atm) (189, 190). The hydrogen fugacity under the conditions of external H, gas
pressure or internal charging which lead to embrittlement is generally considered to be too low to
torm the hydride. However, it should be pointed out that the formation of Nill hydride at high
pressures overestimates the required fugacity. The stress free energy terms, pAViormation (where
AViormation/Vo=0.16) inhibit the hydride formation, whereas in the tensile field of a crack this
term would assist the hydride formation. Direct observations of the phenomena at the crack tip
are not yet available. In nickel alloys, embrittlement by solute hydrogen and by simultancous
cathodic charging during deformation leads to intergranular fracture. Transgranular embrittlement
has been reported in sharply notched single crystals (191). Latinison and Opperhauser (130) have
suggested that the failure at grain boundarics under conditions of simultancous cathodic charging
may be associated with the presence of hydrogen recombination poisons, such as sulfur, which aid
hydrogen entry, thereby inereasing the local fugacity. Alternatively, for both internal hydrogen
and cathodic charging conditions, the hydrogen fugacity at the boundaries may be increased by
dislocation transport processes. In cither case, the effect of stress on stabilizing the hydride and its
possible role in fracture remains to be determined.

Embrittdement in ferrous allove is even less likely to be associated with the formation of a
hydride. Fell is a stable comp * the vapor phase but the solid hydride apoears to have even
less stability than NiH. Fujita (19 °  as suggested a model for transgranular fracture based on




segregated Hointerstitials which form an interstitial platelet. This is formally similar to a hydride
but cvidence in support ol this concept is lacking.

In summary, the stress induced hydride mechanism scems well established for systems which
form hydrides and appears to account for the behavior both above and below the solvus tempera-
turc. In systems which have metastable hydrides (NiH, AlH, etc.) this mechanism may be appli-
cible when the effects of stress on the hydride stability are taken into account. In these systems,
dircct support for the mechanism is lacking. In systems such as FeH, where hydrides are not stable,
the applicability of the mechanism is rather questionable,

6. SUMMARY

The diversity of behavior observed for hydrogen-metal systems is too great to allow a complete
mechanistic understanding at this time. Scveral genceral conclusions can however be drawn as
summarized below. In attempting to understand the failure mechanisms it is important to distin-
guish between kincetic effects and fracture mechanisms.

The occurrence of hydrogen embrittlement depends on the attainment of a critical hydrogen
chemical potential at points of stress concentration. The factors which determine the hydrogen
chemical potential are the fugacity of the hydrogen source, the thermodynamic properties of the
mctal-hydrogen system, the hydrogen transport processes and the nature of the stresses applied.
Based on these factors it is possible to understand why embrittlement is often observed in high
tugacity environments where hydrogen is present at the crack tip and not under conditions where
the hydrogen fugacity is low or where its mobility is limited by low diffusivity.

Hydrogen has been shown to have an effect on the ductile fractuve process of microvoid
coalescence as well as on the occurrence of low ductility fracture processes such as cleavage or
ntergranular fracture. The fracture morphology is determined by a variety of factors such as the
system considered, the hydrogen chemical potential, the metallurgical structure and the segrega-
ton of particular solutes 1o grain boundaries. In a number of systems it appcars that the effect of
the hydrogen is to modily fracture processes which occur in the absence of hydrogen rather than
to introduce new processes. In other systems hydrogen changes the nature of the fracture process
Irom a ductile to a brittle one.

Alter removing Kinetic factors from consideration it appears possible to categorize the hydrogen
related brittle fracture processes into groupings based on hydride forming systems, systems in
which hydrides are not stable and systems in which normally unstable hydrides may be stabilized
by the apphied stress. In the hydride forming systems the fracture mechanism has been shown to
be the stress induced hydride formation and cleavage. Direct observation of hydrides at crack tips
as well as the thermodynamics of stressed solid solutions and hydrides support this mechanism.
Kinctic models based on the stress induced flux of hydrogen to crack tips are consistent with the
hydnde fracture mechanism. One result of observations on these systems is that hydrogen solid
solutions are ductile and the cleavage fracture mode occurs only when hydrides are formed.

The hydride stability relative to the solid solution is influenced by the applied stress as well as
by the hydrogen chemical potential at the crack tip. If hydrides are stabilized by crack tip stresses,
the stress induced hydride fracture mechanism may apply to systems such as Ni-H in which
hydrides are not normally expected to be stable under the conditions of hydrogen embrittlement.
‘The range ol metal-hydrogen systems which have metastable hydrides to which the stress induced
hydride mechanism applies has not been established. To do so requires kinetic studies to show
agreement with the stress induced flux to crack tips, thermodynamic studics to examine the stress
clfects on hydride stability and microscopic studies to examine crack tip processes.

In non-hydride forming systems the fracture mechanism is less clearly established. Adsorption
mechanisms based on reduction of the surface energy by adsorbed hydrogen cannot account for
the experimental obscervations. The same conclusion can be drawn for mechanisms based on
hydrogen elfects on the plastic properties of the metals. In this case the effects are not as clearly
established since contradictory cvidence for the effect of hydrogen on deformation parameters has
been obtained. These effects appear to be oo small to account for the drastic changes in fracture
mades observed and no adequate mechanism for the fracture processes based on plasticity ¢ffects
has been proposed.




The decohesion mechanism is consistent with the observed kinetics of embrittlement and with .
the thermodynamie requirement of a critical hydrogen concentration for fracture. However, this
mechanism postulates the decercase of the lattice cohesive stress and no evidence in support of this
postulate is available. Mcasurements of hydrogen effects on small strain parameters such as the ]
clastic constants and phonon frequencies indicate an increase in atomic force constants due to
hydrogen in solution. Establishment of this mechanism requires an understanding of the effect of
hydrogen on the lattice potential which is not yet available.

In establishing the validity of the decohesion mechanism, or any of the others, it is not suf- 4
| ficient to examine the kinetic aspects of the model. For example both the stress induced hydride |
mechanism and the decohesion mechanism have similar kinetics which are based on hydrogen flux '
to the crack tip. Both have similar thermodynamic requirements in that a critical hydrogen
concentration is necessary at the crack tip. In the decohesion mechanism this critical concentra-
tion is required to reduce the cohesive stress to below the crack tip stress while in the stress
induced hydride mechanism a hydrogen concentration sufficient to form the hydride in the crack
tip stress field is required. The essential difference between the two mechanisms is the detailed
process of bond rupture. It requires either microscopic observations or a knowledge of hydrogen
clfects on lattice potentials to establish this process. Even in this point the two mechanisms have a
great deal of similanity. Thus although the presence of a hydride at the crack tip may be estab-
lished, the basic question ol why the hydride is brittle is identical to the basic question in the
decohesion mechanism.

ACKNOWLEDGEMENTS

This work was supported by the Office of Naval Research Contract USN 00014-75-C-1012 and
by the National Science Foundation Contract DMR 7824219. The support and stimulation of
many ol the author’s students and Research Associates is gratefully acknowledged.

REFERENCES

1. W.IL Johnson, Proc. Roy. Soc. (1875), No. 158, p. 168.
2. For recent reviews sce the conference proceedings: Ilydrogen In Metals, Amer. Soc. of
Metals, Ed. by LM. Bernstein and AW, Thompson, 1974; Effect of Hydrogen on Behavior of
Materials, A.LLM.E., New York, Ed. by AW, Thompson and I.M. Bemstcin, 1976;
lydrogen In Metals, Pergamon Press, Oxford, 1978 ‘
Mechanisms of Environment Sensitive Cracking of Materials, The Metals Society, London,

|
1977 / |
3. A.J. Bursle and E.N. Pugh, “An Evaluation of Current Models for the Propagation of Stress-

Corrosion Cracks,” This conference. :"
R.M. Latanison, O.I1. Gastine and C.R. Compcau, *“Stress Corrosion Cracking and Hydrogen
Embrittlement; Differences and Similaritics,” This conference.
4. AW. Thompson, Effect of Hydrogen on Behavior of Materials, A.I.M.E., New York, Ed. by
AW. Thompson and L.M. Bernstein, 1976, p. 467.
5. P.G:. Shewmon, ibid, p. 59.
6. G.G. Libowitz, Binary Mectal Hydrides, W.A. Benjamin Inc., New York, 1965.
7. Metal Hydrides, Academic Press, New York, Ed. by W.M. Mucller, J.P. Blackledge and G.G.
Libowitz, 1968.
8. IL.C. Van Ness and B.F. Dodge, Chem. Eng. Prog. 51 (1955) 266.
9. K. Farrell and A.G. Quarrell, J. Iron Steel Inst. 202 (1964) 1002.
10. LM. Bernstein, Met. Trans. 1 (1970) 3143,
11, B.B. Rath and LM. Bernstein, Met. Trans. 2 (1971) 2845.
12, LM. Bernstein and B.B. Rath, Met. Trans. 4 (1973) 1545.
13, R.J. Gest and ALR. Troiano, Corrosion 30 (1974) 274.
B4 G.C. Smith, Ivdrogen In Metals, A.S.M., Ed. by LM. Bernstein and A.W. Thompson, 1974,
p. 485.

R




5.
16.
i
18.
19.
20.
. ILK. Bimbaum, M. Grossbeck and S. Gahr, Iydrogen In Metals, A.S.M., Ed. by .M. Bem-

21

29
23

24.

«
25

28.
29,

30.
31,

32
33.
34,

35.
36.
37.
38.
39.
40.
41,
42.
43.
44.

45.

46.

47.
48.
49.
50.
5l.
52.
53.

H4.

55

M.R. Louthan, ibid, p. 53.

A.S. Tetelman and W.D. Robertson, Trans AIME 224 (1962) 775.
M. Gell, Ph.D. Thesis, Yale University (1965).

LM, Bernstein, Mat. Sci. and Eng. 6 (1970) 1.

G.G. Hancock and HLHL Johnson, Trans. AIME. 236 (1966) 513.
D.D. Williams, Scripta Met. 2 (1968) 385.

stem and AW, Thompson, 1974, p. 303.

2. M.L. Holzworth and M.R. Louthan, Corrosion 24 (1968) 110.
23. R.M. Latanison and R.W. Stachle, Scripta Mct. 2 (1968) 667.
J.S. Blukemore, Mct. Trans. [ (1970) 145.

. P. Combette, }. Grilhe, Mem. Sci. Rev. Met. 67 (1970) 491.
26.
27.

I'. Boniszewski, and G.C. Smith, Acta Mct. 11 (1963) 165.

J. Volkl and G. Alefeld, Diffusion in Solids - Recent Developments, Academic Press, New

York, Ed. by A.S. Nowick and ].J. Burton, 1975, p. 272.

AL Cotwrell, Dislocations and Plastic Flow In Crystals, Oxford Press, Oxford, 1953, p. 136.
C.C. Chen and R J. Arsenault, Hydrogen in Metals, A.S.M., Ed. by 1.M. Bernstein and A.W.
Thompson, 1974, p. 393.

C.C. Chen and R . Arsenault, Acta Met. 23 (1975) 255.

ALAL Sagues, M.G. Ulitchny and R. Gibala, Effect of Hydrogen Behavior of Materials, AIME,
New York, Ed. by AW. Thompson and 1.M. Bernstein, 1976, p. 390.

AL Windle and G.C. Smith, Met. Sci. J. 4 (1970) 136.

AW. Thompson and J.A. Brooks. Mct. Trans. 64 (1975) 1431.

AW. Thompson, Ilydrogen In Metals, A.S.M., Ed. by LM. Bemstein and A.W. Thompson,
1974, p. 91.

M.B. Whiteman and A R. Trioano, Corrosion 21 (1965) 53.

D.H. Sherman, C.V. Owen and T.E. Scott, Trans. AIME 242 (1968) 1775.

T.W. Wood and R.D. Danicls, Trans. AIME 233 (1965) 898.

D. Hardic and P. Mclntyre, Mct. Trans. 4 (1973) 1247.

C.V. Owen and T.E. Scott, Met. Trans. 3 (1972) 1715.

R.H. Van Fossen, T.E. Scott and O.N. Carlson, J. Less Com. Met. 9 (1965) 437.

S. Gahr, M.L. Grossbeck and H.K. Birnbaum, Acta Met. 25 (1977) 125.

M.L. Grossbeck and H.K. Bimbaum, Acta Met. 25 (1977) 135.

H.K. Birnbaum and H. Wadlcy, Scripta Mct. 9 (1975) 1113.

T.M. Devine, Scripta Met. 70 (1976) 447.

M.R. Louthan, G.R. Caskey, J.A. Donovan, and D.E. Rawl, Mat. Sci. and Eng. 10 (1972)
357.

J.K. Tien, Effect of Hydrogen on Bcehavior of Materials, AIME, New York, Ed. by AW.

Thompson and LM. Bernstein, 1976, p. 309.
J.K. Tien, AW. Thompson, I.M. Bernstein, and R.J. Richards, Mct. Trans.
S. Gahr and LK. Bimbaum, Scripta Met.

J.L. Waisman, G. Sines and L.B. Robinson, Met. Trans. 4 (1973) 291.
J.L. Waisman, R. Toosky and G. Sines, Mct. Trans. 84 (1977) 1249.

W.W. Gerberich, Y.T. Chen and C. St. John, Mct. Trans. 64 (1975) 1485.

N.W. Liu, J. Basic Eng. A.S.M.E. 92 (1970) 633.

R.P. Harrison, P.T. Heald and J.A. Williams, Scripta Mct. 5 (1971) 543,

J.CM. i R.Q. Oriani and L.S. Darken, Z. Physik Chem. Neue Folge., 49 1966 (271).

. G. Matusicwicz, R. Booker, J. Keiser and H.K. Birnbaum, Scripta Mct. 8 (1974) 1419,
56.
57.
H8.
59.
60).
6l.
62.

C.C. Baker and LK. Birnbaum, Acta Mct. 21 (1973) 865.

R.F. Mattas and LK. Bimbaum, Acta Met. 23 (1975) 973.

G. Pleilfer and TL Wipl, Inl. Phys. F 6 (1976) 167.

A.). Kumnick and HLH. Johnson, Mect. Trans. 5 (1974) 1199.
AJ. Kumnick and .11 Johnson, Met. Trans. 64 (1975) 1087.
A. McNabb and P.K. Foster, Trans. A.LM.E. 227 (1963) 618.
R. Oriani, Acta Mct., 18 (1970) 147.




63,
04,
0h.
66,
67.

O8.

69.
70.
7).
12
73.
74,
75.
76.
7.
78.
79.
80.
81.
82.
83.

101,
102.
103,
104,
105.

106.

r‘

84,
8h.
86.
' 87.

88.
89.

90.
91.

92.
93,
94.
95.
96.
9.
98.
99.

100,

R. Gibala, Trans. AIME 239 (1967) 1574.
C. Baker and TLK, Birnbaum, Scripta Met. 6 (1972) 851.
F. Mazzolar and M. Nuovo, Sol. State Comm. 7 (1969) 103.

J.A. Donovan, Mct Trans. 74 (1976) 1677,

B.G. Ateva and 1LW. Pickering, Inl. of the Electrochem. Soc. 122 (1975) 1018, also sce LM.
Bernstemn and LW, Pickering, Corrosion 31 (1975) 105.

.0, Frandsen and HL. Marcus, Effect of Hydrogen on Behavior of Materials, AIME, New

York, Ed. by AW, Thompson and LM. Bernstein, 1976, p. 233,

D.O. Hayward and B.MW. Trapnell, Chemisorption, Butterworths, London, 1964, p. 198.
W.IL Wemberg and R.P. Mernill, Surface Science, 33 (1972) 493.

GUTL Surratt and ALB. Kung, Phys. Rev. Litt., 40 (1978) 347.

M.R. Shunabarger, Solid State Comm. 14 (1974) 1015.

S.L. Bernasek and G.A. Somerjai, Surface Science, 48 (1975) 204,

H.G. Nelson, D.P. Wilhams and ALS. Tetelman, Met. Trans. 2 (1972) 953.

HLW. Lia, Y. Lo Hu, and P}, Ficaloro, Eng. Frac. Mech. 5 (1973) 281.

V. Sriknishnan, HLW. Liu, and P.J. Ficalora, Senpta Met., 9 (1975) 663.

V. Srikrishnan and P.J. Ficalora, Met. Trans. 7.4 (1976) 1669.

R.P. Gangloft and R.P. Wei, Met. Trans. 84 (1977) 1043.

11.G. Nelson and D.P. Williams, Met. Trans., 3 (1972) 2107.

F'W. Wood and R.D. Daniels, Trans. AIME, 233 (1965) 898.

D.G. Westlake, Trans, AIME, 245 (1969) 1969.

ALG. Ingram, E.S. Bartlett, and H.R. Ogden, Trans. AIME, 227 (1963) 131.

T. Toh and WM. Baldwin [r., Stress Corrosion Cracking and Embrittlement, J. Wiley and
Sons, New York, Ed. by W.D. Robertson, (1956), p. 176.

D.G. Westlake, Trans. ASM, 56 (1963) 1.

D. Wemstem and F.C. Holtz, Trans. A.S.M. 57 (1964) 284.

R. Dutton, K. Nuttall, M.P. Puls and L.A. Simpson, Met. Trans. 84 (1977) 1553.

R. Dutton, C.1L. Woo, K. Nuttall, L.A. Simpson and M.P. Puls, fHydrogen in Metals, Per-
camon Press, Oxlord, 1978,

D.G. Westlake, Trans, AIME 239 (1967) 1341,

M.R. Louthan, Jr., Hvdrogen in Metals, A.S.M., Ed. by LLM. Bernstein and A.W. Thompson,
1974, p. 53.

W.wW. (l;rrlwm h, Ibhd., p. 115,

D. Eliczer, D.G. Chakrapam, C.J. Altstetter, and E.N. Pugh, Proc of Second Int. Cong. on
Iydrogen i Metals, Pergamon, N.Y, 1978,

D. Eliczer, D.G. Chakrapani, C.J. Altstetter and E.N. Pugh, Met. Trans. A, In Press.

R. Lagneborg, J.1.S.1. 207 (1967) 363.

M. Holzworth, Corrosion 25 (1969) 107.

HLIL Johnson, ].G. Morlet and R.R. Trowano, Trans. AIME 212 (1958) 526.

C.F. Barth and F AL Steigerwadd, Met. Trans. 7 (1970) 3451.

DN Williams, Met. Trans, 4 (1973) 675.

G. Sandoz, Fund. Aspects of Stress Corroston, N.ALC.E., Ed. by R.W. Stachle, 1969, 684.

J.R. Hhirst, MULEL Wise, D. Fort, J.P.G. Farr, and 1.R. Harris, /ydragen in Metals, Elscvier

Sequoia, Lausanne, Ed. by LR, Harris and J.P.G. Farr, (1976) p. 193.
M.O. Spaidel, Hydrogen in Metals, A.S.M. Ed. by LM. Bernsetin and AW, Thompson, 1974,
p. 249,

J. Burke, AL Jickels, P. Maulick and M.H. Mcehta, Effect of Hydrogen on Behavior of Mate-

rials, AIME, New York, Ed. by AW, Thompson and 1.M. Bernstein, 1976, p. 102,

MO. Speidel and M.V Hyat, Advances In Corrosion Science and Technology, Plenum Press,
New York, 1972, Vol 2, p. 115,

R.P. Wer, Int. ). Fract. Mech. 4 (1968) 159.

1L.G. Nelson, NASA Tech, Note D6691, (1972).

M.O. Sperde), The Theory of Stress Corroston Cracking in Allovs, N.A.T.O., Brussels, 1971,
p. 289,

G Scamans, R Alani and P.R. Swann, Corros. Sci. 16 (1976) 443,




107.

108.

109.
110.
I,
2.
113,
114
115.
116.
17,
118.
119,
120.
121.

122.
123,

124,
125.
126.

127.
128.
129.

130.
131,
132.
133.
134,
135.
136.
137.

138.
139.
140.
141.
142,
143.
144,
145.
146.
147.
148.
149,
150.
151.
152.
153.
154.

E.N. Pugh, Mcchanistis of Environment Sensitive Cracking of Materials, The Metals Soc.,
London, (1977), p. 493.

N.E. Paton and J.C. Williams, Hydrogen in Metals, A.S.M., Ed. by I.M. Bernstein and A.W.
Thompson, 1974, p. 409.

R. Dutton, Symposium on IHydrogen in Metals, A.S.M. and C.I.M., Montreal, (1978).

D.G. Westlake, Trans. AIME 233 (1965) 368.

C.J. Beevers and D.V. Edmonds, J. Nucl. Mat. 33 (1969) 107.

G Koch, A J. Bursle and E.N. Pugh, Met. Trans. 94 (1978) 129.

R.J. Walter, R.P. Jewett and W.T. Chandler, Mat. Sci. Eng. 5 (1969/1970) 98.

A.S. Tetelman and W.D. Robertson, Acta Met. 11 (1963) 415.

R.A. Oriani and P.11. Joscphic, Acta Met. 22 (1974) 1065.

S.J. Hudak and R.P. Wei, Mct. Trans. 74 (1976) 235.

W.W. Gerberich, Y.T. Chen and C. St. John, Met. Trans. 64 (1975) 1485.

D.P. Williams and 11.G. Nelson, Met. Trans. 1 (1970) 63.

D.A. Meyn, Met. Trans. 5 (1974) 2405.

B. Hindin, Private Communication.

M.]. Blackburn and W.I1. Symel, Titanium Science and Technology, Plenum Press, N.Y., Ed.
by Jallee and Burte, 1973, p. 2577.

R.J. Walter and W.T. Chandler, Mat. Sci. Eng. 8 (1971) 90.

.M. Bernstein, R, Garber and G. Pressouyre, Effect of Hydrogen on Behavior of Metals,
A.LM.E., New York, Ed. by AW. Thompson and 1.M. Bernstein, 1976.

S. Gahr and LK. Birnbaum, Acta Met., In Press.

D.G. Chakrapani and E.N. Pugh, Mect. Trans. 74(1976) 173.

M. Blackburn and J.C. Williams, Fund. Aspects of Stress Corrosion Cracking, N.A.C.E.,
Houston (1969) 620.

J.J. Auand ILK. Birnbaum, Scripta Mct. 12 (1978) 457.

M.L. Wayman and G.C. Smith, J. Phys. Chem. Sol. 32 (1971) 103.

M.I. Kamdar, Sccond Int. Congress on Hydrogen in Metals, Pcrgamon Press, Oxford, 1977,
paper 3D10.

R.M. Latanison and H. Opperhauser, Met. Trans. 5 (1974) 483 and 64 (1975) 233.

S.K. Bancrji, C.J. McMahon and H.C. Feng, Met. Trans. 94 (1978) 237.

C. Zaplfe and C. Sims, Trans. Mct. Soc., AIME, 145 (1941) 225.

A.S. Tetelman, Fund. Aspects of Stress Corrosion Cracking, N.A.C.E. (1969) 446.

J.K. Tien, AW. Thompson, L.M. Bernstein and R.J. Richards, Met. Trans.

B.A. Bilby and ]. Hewitt, Acta Mct. 10 (1962) 587.

ILIL Johnson and J.P. Hirth, Met. Trans. 74 (1976) 1543.

R.A. Oriani, Proc. of the Int. Conf. on Stress Corr. Cracking and Hyd. Embrittlement of Iron
Based Alloys, Unicux-Firming, June 1973,

N.J. Petch and P. Stables, Nature 169 (1952) 842.

N.J. Peteh, Phil. Mag. (8th Series) 7 (1956) 331.

R.A. Oriani and P.11 Joscphic, Acta Mct. 25 (1977) 979.

E. Chornet and R.W. Coughlin, J. Catalysis 27 (1972) 246.

B.M.W. Trapncell, Chemisorption, Acad. Press, New York, 1955.

B.A. Wilcox and R.A. Huggins, J. Less-Comm. Met. 2 (1960) 292.

AM. Adair, Trans. AIMF 236 (1966) 161 3.

.M. Bernstein, Scripta Met. 8 (1974) 343.

C.D. Beachem, Met. Trans. 3 (1972) 437. , ;
S. Asano and R. Otsuka, Scripta Met. 10 (1976) 1015. ]
1L Matsui, 8. Morniya and 1. Kimura, Hydrogen in Metals, Pergamon Press, Oxford, 1978.
A.N. Stroh, Adv. in Phys. 6 (1957) 418.

S.P. Lynch, Fracture, 1977, 1.C.F.4, Waterloo, Canada 2 (1977) 859.

P. Neumann, Acta Mct. 22 (1974) 1155, 1167.

S.P. Lynch, A.S.T.M. Conl. on Fatigue Mechanisms, (1978) to be published.

J.J. Gilman, Phil. Mag. 26 (1972) 801.

A.R. Troiano, BISRA, The Iron and Steel Inst., Harrogate Conf. (1961) p. 1.




155.
156.
157.
158.
159.
160.
161.

162.
163.
164.
165.

166.

167.
168.
169.
170.
171,
172.
173.

174.
175.
176.
177.
178.
179.
180.
181.
182.

183.
184.
185.

186.
187.

188.
189.
190.
191.

E.A. Steigerwald, F.W. Schaller and A.R. Troiano, Trans. Met. Soc. A.LM.E. 218 (1960) 832.

J.R. Rice and R. Thomson, Phil. Mag. 29 (1974) 73.

E.S. Fisher, D.G. Westlake and S.T. Ockers, Phys. Stat. Sol. (a) 28 (1975) 591.
A. Magerl, B. Berre and G. Alefeld, Phys. Stat. Sol. (a) 36 (1976) 161.

E. Lunarska, Z. Ziclinski and M. Smialowski, Acta Met. 25 (1977) 305.

1..J. Graham, H. Nadler and R, Chang, J. Appl. Phys. 39 (1968) 3025.

J-M. Rowe, ].J. Rush, 1LG. Smith, M. Mostoller and H.E. Flotow, Phys. Rev. Lett. 33 (1974)

1297.

J-M. Rowe, N. Vagelatos, J.J. Rush, and H.E. Flotow, Phys. Rev. B12 (1975) 2959.

N. Stump, A. Magerl, G. Alefeld and E. Schedler, Jnl. Phys. F: Met. Phys. 7 (1977) 1.

G. Caglioti, G. Rizzi and J.C. Bilello, Jnl. Appl. Phys. 42 (1971) 472; Ibid 43 (1972) 3600.
S.M. Shapiro, Y. Noda, T.O. Brun, J. Miller, HK. Bimbaum and T. Kajitani, Phys. Rev. Let.
(In Press).

G. Bauer and W. Schmatz, Effect of Ilydrogen on Behavior of Materials, A.LLM.E. New York,
Ed. by AW. Thompson and I.M. Bemstein, 1976, p. 651.

1L Pfciffer and H. Peisl, Phys. Lett. 604 (1977) 363.

C. St. John and W.W. Gerberich, Met. Trans. 4 (1973) 589.

IL.P. Van Lecuween, Corrosion 32 (1976) 34.

ILL. Duncgan and A.S. Tetelman, Eng. Fract. Mech. 2 (1971) 387.

S. Gahr and LK. Bimbaum, to be published.

B.J. Makenas and H.K. Birnbaum, to oc published.

M. Amano and LK. Bimbaum, Proc. of Sixth Int. Conf. on Internal Friction and Ultrasonic
Attenuation in Solids, Univ. of Tokyo Press, Tokyo, Japan, (1977), p. 323.

V. Lottner, T. Springer, W. Kress, H. Bilz and W.D. Teuchert, to be published.

D. Hardic, J. Less Comm. Met. 10 (1966) 12.

C.J. Beevers, Trans. AIME 233 (1965) 780.

N.E. Paton, B.S. Hickman, and D.H. Leslic, Mct. Trans. 2 (1971) 2791..

H.K. Birnbaum, M.L. Grossbeck and M. Amano, J. Less Comm. Met. 49 (1976) 357.

R.N. Stevens, R. Dutton and M.P. Puls, Acta Met. 22 (1974) 629.

T. Schober, Scripta Met. 7 (1973) 1119.

D.IH. Sherman, C.V. Owen and T.E. Scott, Trans. A.LLM.E. 242 (1968) 1775.

C.E. Ells and CJ. Simpson, IHydrogen In Metals, ASM, Ed. by L.M. Bernstein and AW.
Thompson, 1974, p. 345.

D.G. Westlake, Trans. A.S.M. 62 (1969) 1000.

S. Takano and T. Suzuki, Acta Mct. 22 (1974) 265.

G.11. Koch, A.J. Bursle and E.N. Pugh, Proc. of Second Int. Congress on Hydrogen in Metals,
Pergamon Press, Oxford, 1977, paper 3D4.

R. Dutton, K. Nuttall, M.P. Puls and L.A. Simpson, Mect. Trans. 84 (1977) 1553.

R. Dutton, C.I. Woo, K. Nuttall, L.A. Simpson, and M.P. Puls, Second Int. Cong. on
Iydrogen in Metals, Pergamon Press, Oxford, 1977, paper 3C6.

Y. Sasaki and M. Amano, Ibid, paper 3C3.

B. Baranowski and R. Wisnicwski, Bull. Acad. Pol. Sci. (Chim.) 14 (1966) 273.

T. Boniszewski and G.C. Smith, J. Phys. Chem. Sol. 21 (1961) 115.

F.E. Fujita, Second Int. Congress on Hydrogen In Metals, Pergamon Press, Oxford, 1977,
paper 2B10. .




UNCLASSIFIED

Secunty Classification

DOCUMENT CONTROL DATA-R&D

(Secunity classilication of title, body of adstruct aad indexing annotation must be entered when the overall report i clussified)

! OMIGINATING ACTIVITY (Corporate author) 20. REPORT SECURITY CLASSIFICATION

University of Illinois ; ,hcngﬁsLASSIFIED
Department of Metallurgy and Mining Eng. LR

——

3 REPORT TiTLE

Hydrogen Related Failure Mechanisms in Metals

4. DESCRIPYIVE NOTES (Type of report and_ inclusive dates)

T i 1978

8 AUTHORI(S) (First name, middle initial, last name)

H. K. Birnbaum

& REPORY DAYE 78. TOYAL NO. OF PAGES ?b. NO. OF REFS
December 1978 36 191

88. CONTRACT OR GRANT NO 98, ORIGINATOR'S REFPORT NUMBE R(S)
UeN/00014-75-C~1012

b. PROJECT NO.

<. 9b. OTHER REPORT NOIS) (Any other numbers thet may dbe assigned
this report)

10 OISTRIBUTION STATEMENT

This document is unclassified. Distribution and reproduction for
any purpose of the U.S. Government is permitted.

1. SUPPLEMENTARY NOTES t2. SPONSORING MILITARY ACTIVITY

Office of Naval Research

13 ABSTRACT
\

|

The literature pertaining to hydrogen related failure of metals
is reviewed. Emphasis is placed on those experiments which relate

directly to the failure mechanisms. The possible failure mechaniéms

are discussed and evaluated.

<

N FORM (PAGE 1) i /
L °%.1473 / (A
;”“ o1, 107-6811 _Z 76 ¢ 17 lmcx;‘?cs\"si‘chlIaESDﬂlﬁlhnn AV/’ e

A-31408




UNCLASSIFIED

Securnity Classification

" KEY WORDS LiNK A LINK B LINK €
ROLE wT ROLE wT ROL E wT
Hydrogen Embrittlement
Fracture
Environmental Effects
Failure Mechanisms
DD |F~°onv“u“473 (BACK)
UNCLASSIFIED

S/h

090)-207-82~y

Security Classification

A-31409




