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Editorial

Preface of the 18th International Conference on Molecular Beam
Epitaxy (MBE 2014)

The first International Conference on Molecular Beam Epitaxy
(IC-MBE) was held in Paris in 1978, chaired by Alfred Y. Cho. Every
other year since, with the exception of a four-year break after the
initial meeting, the IC-MBE has been held in European, Asian, and
North American venues. The 18th and latest IC-MBE was held in
Flagstaff, Arizona, USA, September 7–12, 2014, and was chaired by
Yong-Hang Zhang (Arizona State University). MBE is an advanced
crystal growth method that benefits areas from the study of
fundamental physics, all the way through the production of
devices used in countless fields. IC-MBE brings together research-
ers from all over the world, and is the premier forum for scientific
and technological exchange among researchers investigating all
types of materials growth using the MBE technique.

The 18th IC-MBE included 432 attendees from 24 countries.
The technical program featured 90 oral presentations in three
parallel sessions, as well as 143 poster presentations. Importantly,
more than 60% of the presentations were given by students, which
affords great confidence for the future of MBE. In addition to the
contributed work, there were 16 invited presentations and three
plenary talks. Ted Moustakas (Boston University, USA) spoke on
the fundamental differences between cubic III–V compounds
and wurtzite nitride semiconductors produced by MBE. Tomasz
Wojtowicz (Polish Academy of Sciences) described the MBE
growth of II–VI dilute magnetic semiconductor nanostructures
for spintronic research. Qi-Kun Xue (Tsinghua University, China)
explained the role of MBE in the study of topological insulators
and high temperature superconductivity. These plenary sessions
were extremely well-attended and well-received.

IC-MBE 2014 included a special Sunday event, Meeting with
MBE Pioneers, which captured the history of the development of
MBE and the personal reflections of researchers integral to the

evolution of the technology and its use. Ray Tsu gave the session's
keynote speech on The Birth of Semiconductor Superlattices. Other
highlights during the week included a conference excursion to
Sunset Crater and the Wupatki National Monuments, and a
conference banquet showcasing a variety of entertainment from
the Southwest region of the United States.

In this special issue of the Journal of Crystal Growth, we have
collected 91 papers associated with presentations at the 18th
IC-MBE held in Flagstaff, Arizona. The papers in this issue reflect
the breadth of the meeting, demonstrating continued progress in
MBE fundamentals, elemental and compound semiconductors,
oxides and novel materials, nanostructured materials, and devices.
This issue provides a valuable snapshot of the state of the field of
MBE during this time, and will help to enable future success in
MBE-related research.

Finally, we wish to thank everyone who helped to make the
18th IC-MBE a success, including the Conference Chair and
Organizing Committee, the Program Committee for assembling
stimulating technical sessions, the authors and reviewers who
contributed to this issue, all of the companies and organizations
that contributed financial resources, as well as Naveen J. Raja, Yanli
Gao, and Xiaolin Li at Elsevier who were instrumental in creating
the final record. We look forward to seeing you at the next IC-MBE
Conference in 2016 in Montpellier, France, which will be chaired
by Eric Tournie.

Guest Editors
April S. Brown, Aaron J. Ptak

United States
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Determination of N-/Ga-rich growth conditions, using in-situ auger
electron spectroscopy
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a b s t r a c t

In-situ Auger electron spectroscopy was used to determine the 1:1 flux ratios of Ga and N during growth
of GaN by molecular beam epitaxy at low substrate temperatures. By linearly ramping the Ga-flux, while
keeping the N-flux constant, and simultaneously measuring the chemical composition by monitoring N
and Ga Auger peaks, the time of deviation from stoichiometry could be determined. The method was
applied at very low substrate temperatures where reflection high-energy electron diffraction does not
reveal clear growth mode changes. The importance of the N- vs Ga-rich conditions were confirmed with
transmission electron microscopy which showed a distinct change in crystallinity between material at
the top and bottom of the film, which are in agreement with previous findings.

Published by Elsevier B.V.

1. Introduction

Conventional III–V molecular beam epitaxy (MBE) growth is
typically performed under group-V rich conditions. It has been
known for some time that state-of-the-art GaN grown by plasma-
assisted MBE requires slightly Ga-rich conditions [1] at very high
substrate temperatures (�700–800 1C). Early work [1] asserted
that N-rich conditions led to three-dimensional, columnar growth
and low electron mobilities [2]. Some research has concluded that
growth must be done with the fluxes set to obtain films as close to
the stochiometric condition as possible [3], while others maintain
that it must be done in the ‘intermediate range’ (Ga-rich but just
short of droplet formation) [4,5]. In any case the window for
obtaining Ga rich films without inducing Ga droplet formation is
small, and precise determination of the 1:1 condition is important.

For Ga-rich conditions, the GaN (0001) surface is terminated by
approximately one bilayer of Ga atoms [6–8], which results in a
smoother morphology than found in films grown under N rich
conditions [9,10]. Feenstra et al., explains in detail the mechanisms
of the N-rich and Ga-rich growth modes, and also discusses that

while the Ga-rich conditions lead to smoother films, there is a cost
to be paid in terms of Ga-droplet formation and leakage current
induced by Ga-filled threading dislocation cores [9].

We have been investigating highly mismatched alloys (HMAs)
that consist of various amounts of Sb [11,12] and As [13] incorporated
in GaN for solar water splitting applications. The bandgap of these
materials is drastically reduced for even very small amounts of Sb
and As, and the absorption seems to be unaffected by the film's
crystallinity or lack thereof. ‘Low temperature’ growth of GaN onto
sapphire or SiC substrates typically refers to temperatures that are as
high as 700 1C. Our samples are grown at extremely low tempera-
ture, as low as 80 1C, and more recently, at �300 1C. The initial low
temperatures were initially chosen in order to avoid phase segrega-
tion, and to demonstrate that films with the desired bandgap
properties could be grown on ‘cheap’ substrates such as glass. We
are experimenting with higher temperatures to see if Sb can still be
incorporated, and because it is likely that higher crystalline quality is
desirable for device applications.

Although we were aware of no comparative studies of Ga vs N
rich films grown at these extreme low temperature regimes, or for
polycrystalline and amorphous films, it made sense to start with
Ga-rich conditions given the prior research. Also, others had noted
that the sensitivity to the V/III ratio is even more pronounced for
low temperature growth. Heying et al., found that for ‘low-T’ MBE
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(�720 1C) grown GaN, impurity incorporation, point defect densi-
ties, and electrical properties were extremely sensitive to the Ga/N
flux ratio, with slightly Ga-rich conditions being favorable [14].

Surprisingly, we found that it was not possible to change the
bandgap with increasing Sb-concentration for Ga-rich conditions
[12]. Instead, the bandgap appeared to be dominated by a defect
state. However, by switching to N-rich conditions, the bandgap
was observed to change and roughly followed the predictions of
the band-anti-crossing model [15].

These examples illustrate that determining the critical conditions
where the growth changes from N- to Ga-rich is very important,
even for non-single crystalline films grown under non-ideal condi-
tions. For MBE growth of III–V materials, the flux ratios from the
group III and V elements can be measured by an in situ beam flux
monitor and the fluxes for stoichiometric growth can be determined
using reflection high-energy electron diffraction (RHEED) oscillations
on a single sample. However, in the case of plasma assisted nitride
growth, the active N-content in the beam from a nitrogen RF plasma
source is usually not known and RHEED oscillations are not observed.
For conventional GaN growth the typical procedure for determining
the critical Ga-flux is therefore to fix the N-flow while increasing the
Ga-flux. Under these conditions it may be possible to observe a
change in the RHEED pattern on a single sample, but more typically a
series of films are produced and the growth rate is determined. Ga-
rich conditions are established when the growth rate as a function of
Ga-flux ceases to increase. For highly mismatched alloy (HMA)
growth [12,15] this would be the only method available since the
RHEED pattern does not exhibit a clear transition.

2. Experiment

The GaN films were grown on (0001)-oriented 2-inch double-side
polished and uncoated, sapphire substrates by plasma-assisted MBE
in a GENII system. We are primarily interested in growth on sapphire
substrates, therefore those samples comprise most of the data and
analysis discussed in this paper. The system has a Uni-bulb plasma
source operated at 400W with a flow rate of 0.58 sccm to provide
active nitrogen, and elemental Ga was used as the other source. The
absolute Ga fluxes were determined from growth rate characteriza-
tion by RHEED oscillations of GaSb on GaSb. The N-flow was fixed
to generate a steady-state background chamber pressure of 1.5�
10�5 Torr, while the Ga source was set up to generate a linear flux
ramp from 9.8�1016 to 3.9�1018 at/(m2 s) over two hours. (The
relationship between flux and cell temperature had been determined
previously). The substrate temperature was set by the thermocouple
and held at 325 1C. No attempt was made to relate this to the real
temperature of the sapphire.

During the Ga ramp the Auger electron signals for N (KLL,
385 eV), and Ga (LMM, 1065 eV) were repeatedly recorded in the
growth position using a STAIB Auger Probe [16]. The repetition rate
was chosen to capture enough detail of the dynamic events but
not optimized. The RHEED gun, operated at 12 kV and an emission
current of �1.5 mA, is used to excite Auger electrons, and the
electron detector/analyzer is located in a source port. Alignment
was done on a separate very small sample centered on a In-
bonded block. To ensure stable signals the sample was not azim-
uthally rotated during the deposition. This is irrelevant to the
results since the physical center of the wafer is probed where the
growth conditions represent the average of any off-center points
when the sample is grown with azimuthal rotation.

3. Results and discussion

Typical Auger signal dynamics are shown in Fig. 1. As expected,
both the Ga and N Auger electron signals initially increase as a GaN

film starts to form under N-rich conditions and reach a steady-state
after�10 min. The increase is due to the electron escape depth
exceeding the film thickness. At the start there is a time shift
between N and Ga signals due to the sequential sampling of the two
signals. In this experiment the N-signal started decreasing at about
65 min, which we define as the boundary between N- and Ga-rich
conditions. The Ga-flux at this point was 2.5�1018 at/(m2 s). The
decrease is accompanied by a slight increase in the Ga-signal due to
formation of Ga-droplets that cover the underlying GaN and
prevent the Auger electrons from N to reach the surface.

GaN on sapphire grown under Ga and N rich conditions at
325 1C is polycrystalline, with a tendency to align along the (0002)
growth plane. Fig. 2 shows the 2θ-ω x-ray scan for the sample
grown under the ramped Ga flux. The two strong and sharp peaks
correspond to the (0006) and (0012) sapphire planes. The two
broader peaks correspond to the (0002) and (0004) GaN planes.
The sample grown on Si had only a faint (0002) GaN peak and
appeared to be primarily amorphous.

Rutherford backscattering depth profiles were collected, and
the films were found to be stoichiometric throughout the thick-
ness. Absorption measurements on the GaN film grown on sap-
phire indicate a bandgap of 3.25 eV.

Cross sectional transmission electron microscopy (TEM) of the
GaN/sapphire sample grown in the N-rich growth region is shown
in Fig. 3. Consistent with the XRD result, the film is polycrystalline
with many regions strongly aligned with the sapphire substrate.
Prior studies have shown that both Ga and N rich films grown at
these low temperatures are columnar with the column boundaries
lying along the growth direction [12]. Fig. 4 is a cross sectional TEM
image of the Ga-rich growth region. The columnar structure seems

Fig. 1. Typical Auger electron signals from Ga and N recorded as a function of time,
while linearly increasing the Ga flux. The broken lines are guides to the eye.

Fig. 2. 2θ-ω XRD scan of GaN film grown under an increasing Ga flux ramp.
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to rotate by approximately 301. The polycrystalline nature of the
diffraction pattern is the same throughout all regions of the film.
We have not seen inclined columns in Ga rich films grown directly
onto sapphire substrates in previous studies, so this feature may be
related to the ramping of the Ga cell temperature.

Once the 1:1 Ga-N flux was determined, we grew bulk GaN and
a series of GaNSb films on sapphire with the Ga flux fixed at
2.35�1018 at/(m2 s). This Ga flux value should be just inside the
N-rich region, but we do not want to be excessively N rich given
that we find such conditions will increase the surface roughness
[12]. The same substrate temperature of 325 1C was used, and
Sb-flux ranged from 0 to 7.82�1018 at/(m2 s). These conditions
resulted in films that ranged in Sb composition from 0 to 16%. We
found that the bandgap continuously shifted from 3.3 eV to 1.6 eV
over this composition range. The shifting bandgap with Sb
composition further indicates that we successfully identified the
N-rich growth condition with the Auger probe.

4. Conclusion

It is important to define the growth parameters that result in
N-rich/Ga-rich condition for GaN based alloys. We have used an
in situ Staib Auger Probe to determine the boundary between Ga and
N rich growth conditions of GaN grown on sapphire substrates by
ramping the Ga source until the N signal dropped off. We then grew
bulk GaN and GaNSb highly mismatched alloys under the growth
conditions determined by the ramping experiment, and found that
the resulting films had the desired properties of N-rich growths.

The 1:1 Ga/N flux ratio can now be determined within
approximately 2 h for each substrate temperature. The exploration
of ideal growth conditions for HMA materials as well as for
conventional GaN growths can be significantly sped up this way
with noticeable savings in time and substrate costs.
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Fig. 4. Ga-rich region of GaN film grown under increasing Ga flux ramp. The arrow
denotes the (0006) direction of the substrate (which is not shown in this image).
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a b s t r a c t

We apply the desorption mass spectrometry (DMS) technique and analyze the desorbed Sb species
in-situ during MBE growth of mixed As/Sb heterostructures. We demonstrate how DMS is useful in pre-
growth calibration of the V/III ratio, the group-III ratio, as well as the Sb-content in quaternary or quinary
mixed As/Sb alloys. We also apply DMS to the digital alloy growth method. For demonstration purposes,
we start with an un-calibrated MBE system, use the DMS technique to calibrate all of the previously
undetermined MBE parameters and grow a �3.3 mm diode laser heterostructure in only one attempt.
The results demonstrate that the DMS technique will allow the MBE to quickly converge toward a set of
acceptable growth parameters without the need for ex-situ calibration of alloy composition.

Published by Elsevier B.V.

1. Introduction

Epitaxial growth of mixed group-V alloys such as AlxGa1�x

As1�ySby and InxGa1�xAs1�ySby are commonly employed in GaSb-
based heterostructures. Achieving the desired composition in such
alloys is complicated by the fact that, under typical MBE growth
conditions, the sticking coefficients for the group-V fluxes are less
than unity. As a result, the group-V beams compete with each other
to determine the As/Sb content “y” in these alloys. This competition
may be sensitive to the absolute value of each group-V flux, the
ratio of the group-V fluxes, the substrate temperature and the alloy
growth rate. There are many studies that have been conducted to
illustrate the trend of compositional variation in the mixed group-V
alloy as a function of one or more of these factors [1–3].

For the MBE practitioner, the group-III content “x” in the alloy
can be predicted by routine in-situ RHEED oscillation measure-
ments prior to growth. In contrast, there is no in-situ sensing
technique that is sufficiently well developed to predict the group-
V content “y” in these alloys. Consequently, ex-situ characteriza-
tion such as x-ray diffraction measurements performed on repre-
sentative samples is prescribed. However this is generally less
accurate due to two main factors: (1) x-ray diffraction cannot uni-
quely determine composition in quaternary alloys, thus any uncer-
tainty in the value of “x” will also cause uncertainty in the

determination of “y”, and (2) Not all of the MBE parameters that
influence “y” may be precisely duplicated and/or adjusted for
growth after ex-situ characterization. An in-situ determination of
“y”, if it can eliminate the need for ex-situ characterization, can be
very valuable in growing GaSb-based heterostructures with the
6.1 Angstrom family of ternary, quaternary and quinary mixed
As/Sb alloys.

One method to determine y in III-As1�ySby alloys during MBE
was demonstrated nearly two decades ago, using a quadrupole
mass spectrometer as the in-situ sensor [4]. It was shown that
positioning a quadrupole mass spectrometer in line-of-sight of the
substrate to monitor the desorbed antimony species, it is possible
to quantify the rate of incorporation of antimony during mixed
As/Sb alloy growth.

Historically, mass spectrometry techniques have played an
important role in understanding some of the dynamics of the
surface chemistry during III–V MBE growth. At various times and
under various names, mass spectrometry techniques have been
used to monitor surface dynamics [5–11], monitor sub-surface
dynamics [12,13], and provide calibration and control [4,14,15].
These techniques are not widely used, partly due to lack of dedi-
cated instrumentation and software, partly due to scarcity of ports
in MBE reactors, and partly due to limited awareness of its range of
usefulness.

In this paper, we revisit the desorption mass spectrometry
(DMS) technique to demonstrate its usefulness in the growth of
a multi quantum well diode laser emitting near 3.3 mm, contai-
ning strained InxGa1�xAs1�ySby quantum wells, lattice-matched
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AlzInxGa1�x�zAs1�ySby quinary barriers, and AlxGa1�xAs1�ySby
quaternary alloy clad layers. We report the results of this growth,
attempted without a-prior knowledge of fluxes and without any ex-
situ testing. In the process, we also demonstrate how the DMS
technique can be used to determine the mixed As/Sb alloy compo-
sition during “digital alloy growth” where a short period super-
lattice is deposited to emulate that alloy.

2. Predicting conventionally grown alloy composition

A common inexpensive quadrupole mass spectrometer (Stan-
ford Research 1–200 amu) is mounted facing the substrate at the
central port of the bottom flange in a V-90 MBE system equipped
to grow GaSb-based heterostructures. A copper gasket with a
3 mm diameter hole is positioned in front of the ionizing region in
order to limit the line-of-sight to within the 2-in. diameter wafer.

The mass/charge of 121 amu/e signal from the mass spectrometer
was previously shown to be insensitive to the partitioning (cracking
and/or recombination) of the desorbed group-V species across a wide
(320–740 1C) wafer temperature range [4]. We therefore assume that
the 121 amu/e signal indicates a value that is proportional to the total
rate of antimony desorption from the wafer surface in real-time. We
conduct all DMS calibrations using a 2-in. diameter GaAs test wafer,
although any wafer that ensures stoichiometric growth can be used. In
Fig. 1, a typical time evolution of the 121 signal during composition
calibration for a conventionally grown AlxGa1�xAs1�ySby is shown. At
time o200 s, first the gallium shutter then the aluminum shutter is
opened resulting in a corresponding decrease (increase) in the rate of
antimony desorption (incorporation) from the wafer surface. Due to
the deposition of the stoichiometric compound, we have a direct way
to quantify “x” in this alloy as B/(AþB) where A is the antimony
consumption rate during GaSb, and B is the additional antimony
consumption rate during AlxGa1�xSb. While composition can be deter-
mined in this manner, the growth rate cannot. In order to determine
the growth rate, at least one of the group-III rates must be known, and
act as the anchor to the rest of the calibrations. For example, if the
anchoring fluxwere Gawith κMonolayers (ML)/s on GaSb, then the Al
flux would be κB/A ML/s and the alloy growth rate would be κþκB/A
ML/s on GaSb.

Note that the requirement for stoichiometric growth is satisfied
even when the crystalline quality and surface smoothness of the
deposited layer is not optimized. Consequently, the DMS calibration

wafer, which in this case is largely mismatched GaAs, can be used and
re-usedmany times without theworry of maintaining the near lattice-
matched and layer-by-layer conditions that would be required for
RHEED. Note also that the state of strain or relaxation in the DMS test
layer can be ignored because the antimony consumption is measured
relative to the anchoring Ga flux which remains fixed.

In the example shown in Fig. 1, arsenic is introduced to the
growth at time 4200 s. Four different As cracker valve positions
(As VP¼20%, 50%, 80%, and 100%) are shown where each increas-
ing level of As flux corresponds to an increased (decreased) rate of
antimony desorption (incorporation). In this case, y(As VP) is
computed as C/D, where C is the antimony consumption rate for
a given As VP, and D is the maximum antimony consumption rate
without arsenic. For added clarity, it is important to note that in
this example, D¼AþB. It is easy to see that this in-situ calibration
procedure can be applied generally to all As/Sb alloys.

3. Predicting digital alloy composition

The digital alloy technique to grow quaternary and quinary
mixed group-V alloys is gaining popularity because it provides
several advantages [16–18]. These include the ability to grade the
alloy composition, as well as the ability to make rapid composi-
tional changes in the alloy without changing the effusion cell
temperatures. The assumption is that when digitization is made
with a small enough period (typically 4–8 monolayers) the alloy
properties are largely unaffected.

In this work, we build toward the growth of a �3.3 mm diode laser
heterostructure which employs a quinary barrier with a nominal
composition of Al0.20In0.25Ga0.55As0.25Sb0.75. In doing so, we demon-
strate how the DMS technique can be used to calibrate for this
composition. The digital alloy growth for this alloy can be set up in
many ways. In our case, the period consists of the GaSb/AlSb/InAsSb/
InAs sequence. We choose to adjust the Arsenic cracker valve position,
As-VP to reach the desired composition.

The DMS calibration of this quinary alloy is performed using a
sequence shown in Fig. 2. Four sets of the digital alloy, each using a
different As-VP is grown sequentially while the 121 amu/e signal is
recorded as a function of time. Two anchoring values must also be
determined before making a quantitative assessment of the digital
alloy composition. The first is the maximum rate of antimony
desorption, measured during periods of no growth; i.e. static
surface. The other is the zero value of the 121 amu/e signal
recorded when the antimony shutter is closed both at the start
and at the end of the sequence. Fig. 2 shows a DMS calibration

Fig. 1. Typical sequence of DMS 121 data used to determine quaternary alloy
composition. A is the antimony consumption rate due to Ga, B is the consumption
rate due to Al. C is the Sb consumption rate for a given As-VP, and D is the
maximum Sb consumption rate when y¼1.

Fig. 2. Typical DMS sequence for calibrating digital alloy growth. Four consecutive
growths of 20 periods, each with a different As-VP are shown. The desorption rate
axis is calibrated using the known value of GaSb growth rate.

R. Kaspi et al. / Journal of Crystal Growth 425 (2015) 5–86



sequence where 20 period of the digital alloy period is grown
using an As-VP value of 75%, 80%, 85%, and 90%.

The prediction of the Sb-content y in the quinary alloy is made
by quantifying the amount of Sb that is incorporated into each
period. This is determined by subtracting the amount of Sb
desorbed from the surface from the amount of Sb incident during
one period. A close look at desorption data during digital alloy
growth reveals how this can be done. In Fig. 3, two adjacent periods
of the digital alloy are marked for the purpose of identification. In
the first period, the total amount of desorbed Sb is shown as the
gray area under the desorption curve. In contrast, the total amount
of incident antimony is shown as the gray area in the second period.
Note that the upper bound of this area is the maximum desorption
rate during the static surface. To reduce measurement error, it is
advised to compare these areas after the growth of a number of
periods. The average Sb-content “y” is then calculated by computing
the total amount of Sb incorporated over a number of digital alloy

periods divided by the total number of monolayers deposited.
When an anchoring group-III flux is used, such as 0.6 ML/s of Ga
in our case, then the y-axis is scaled to units of ML/s for this
computation.

4. Growth of �3.3 lm diode laser using DMS

Growth of 43 mm diode lasers is difficult due to the diminishing
valence band offset with the InGaAsSb quantumwell and the AlGaAsSb
barrier. Recently, it was shown that the quinary AlzInxGa1�x�zAs1�ySby
alloy can provide sufficient valence band offset to allow room
temperature lasing at 3.3 mm and beyond [19,20]. In a demonstration
of the DMS technique, we chose to grow such a laser structure in one
attempt, with only a prior knowledge of the Ga cell temperature for
0.6 ML/s to which all DMS calibrations can be anchored.

The laser heterostructure was designed to have a 2 mm thick
top and bottom digitally grown Al0.9Ga0.10As0.07Sb0.93 clad layers,
surrounding a 600 nm-thick digitally grown quinary Al0.20In0.25-
Ga0.55As0.25Sb0.75 waveguide. At the center of the waveguide, three
10 nm-thick compressively strained In0.52Ga0.48As0.24Sb0.76 quan-
tum wells were used. Dopant calibrations were also assumed to
yield a Te-doped bottom clad with n�4�1017/cm3, and a Be-
doped clad with p�1�1018/cm3.

Based on the growth plan, DMS was used to generate the required
fluxes and As-VP prior to growth using the same GaAs test wafer.
Following the procedures described above, using the 0.6 ML/s of Ga
flux as the anchor, the Sb cracker valve position that gave a Sb/Ga ratio
of �3 was selected. The remaining group-III cell temperatures to
produce indium flux of 0.33 ML/s, Al flux of 0.4 ML/s (waveguide) and
a second Al flux of 0.8 ML/s (clads) were determined using DMS.

As an example, calibration of the indium cell temperature is
shown in Fig. 4. Here we begin with the premise when both In and
Ga are incident on the wafer, the Sb consumption rate should be a
factor of (0.6þ0.33)/(0.6)¼1.55 higher than the case when only Ga
is present. We therefore start with an indium cell temperature that
is too low, and monitor the Sb consumption rate while slowly
raising the cell temperature. It is evident from the data that the
correct rate of total Sb consumption rate is reached when the
indium cell base temperature is �889 1C. Time evolution of the Sb
desorption rate in a similar manner was used to generate the Al
cell base temperatures that give 0.4 ML/s and 0.8 ML/s.

DMS was then used to determine the As-VP necessary to attain the
lattice-matched composition for the digitally grown alloys. Following
the general procedure described in Section 3, and the specific example
given for the desired Al0.20In0.25Ga0.55As0.25Sb0.75 quinary alloy, it is
possible to generate a plot of the Sb-content y as a function of As-VP,
as shown in Fig. 5. For y�0.75, an As-VP of 81% was selected to be
necessary at the desired growth temperature. In a similar manner, the
As-VP was determined to be 70% for the lattice-matched quaternary
clad layers, and 95% for the strained quantum wells.

At this point, all cell temperatures and cracker valve positions are
calibrated for the growth of the laser heterostructure, which is grown
immediately following the DMS calibrations. The structural character-
ization is conducted using high resolution x-ray diffraction, and the
(004) omega/2theta reflectivity is shown in Fig. 6. The central peak
contains reflections from the GaSb substrate, both clad layers and the
waveguide. The lattice mismatch is not evident on this scale, and is
therefore well within acceptable limits. The envelope originating from
the compressed quantum wells is clearly seen. Also, two pairs of
satellite peaks (þ1 and �1) are present; the inner pair originating
from the waveguide alloy with a 6 ML periodicity, and the outer pair
originating from the clad layers with a 5 ML periodicity. The small
difference in the periodicity was deliberately designed to identify the
0th order of the corresponding layers.

Fig. 3. A closer view of the desorption data during digital alloy. The total amount of
Sb incident on the wafer, and the total amount of Sb desorbed during one period is
given by the highlighted areas.

Fig. 4. DMS used to determine In cell temperature that produces 0.33 ML/s of In
deposition rate using a known Ga-flux as the anchor.
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Lasing devices were fabricated from this demonstration wafer and
tested using pulsed conditions in the epi-up configuration as a fun-
ction of temperature. LI curves generated from a typical 100 mm�
1mm cavity device, as well as the wavelength spectrum, are shown in
Fig. 6. At a 1% duty cycle, the total peak power was measured to be
�42mW at 20 1C and �140mW at 5 1C. These device results show
respectable, and constitute a fine baseline for further optimization.
This demonstration shows that the DMS technique will allow the MBE
to quickly converge toward a set of acceptable growth parameters
without the need for ex-situ calibration.

5. Discussion and summary

The demonstration of the DMS technique presented in this paper
lacks an adequate evaluation of precision and reproducibility due to
lack of a sufficient sample size. To do this requires repeated growths,
and even growths using different MBE tools and different DMS
configurations. Rather than claiming precision, we merely want to
demonstrate the plausibility, and describe the procedures used.

In terms of the accuracy of the DMS technique, note that the
desorption signature is somewhat noisy. In this work, we simply
smooth the data prior to analysis. In addition, a small drift may
occur in the mass spectrometer signal during data collection. Both
of these factors are strongly influenced by the quadrupole system,
its ionizing chamber and its electronics. Making only relative
measurements, and providing periodic measurements as refer-
ence, help alleviate the influence of drift.

If we examine the noise band in the DMS signal, we can put an
upper bound to compositional accuracy by allowing the true DMS
signal to be anywhere within the noise band. In this case, we can take
a closer look at data shown in Fig. 4. At the selected indium cell
temperature of 889 1C, the flux value including the maximum error is
1.5570.03. Therefore, the actual indium flux may range from
0.312 ML/s to 0.348ML/s giving up to �6% error in flux. However,
given the fact that the data is monotonically varying when smoothed,
this is likely to be an overestimation of the error.

In summary, we revisit the DMS technique and demonstrate its
usefulness in avoiding ex-situ calibration prior to the growth of
mixed As/Sb heterostructures, such as the 3.3 mm diodes, that may
include digital alloy deposition.
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a b s t r a c t

Paper presents the comparative analysis of Metal Modulated Epitaxy (MME) and Droplet Elimination by
Thermal Annealing (DETA) techniques in the low-temperature plasma-assisted MBE of thick AlxGa1�xN
layers with the medium Al content (x¼0.4–0.6) grown under the highly metal-rich conditions.
Atomically smooth surface with RMS of about 0.4 nm across the area of 2�2 mm2 has been achieved
for AlGaN layers grown at FIII/FN flux ratio of 2.5 and substrate temperature of 700 1C by using DETA. The
MME growth of AlGaN epilayers leads to their cracking due to the tensile stress introduced by relaxed
GaN interlayers which are formed during the nitrogen exposure of the Ga-enriched AlGaN surface. A
new technique based on IR-pyrometry measurements has been developed to monitor in situ metal
accumulation and depletion on the growth surface.

& 2015 Published by Elsevier B.V.

1. Introduction

AlxGa1�xN layers with high Al content (x40.4) is an attractive
material for development of ultraviolet (UV) light emitting and
laser diodes [1–3], photodiodes and photocathodes [4,5] highly
demanded for numerous applications. Low temperature
(o800 1C), high vacuum (�10�5 Torr), and hydrogen-free envir-
onment of plasma-assisted molecular-beam epitaxy (PA MBE)
gives rich possibilities in realization of quantum heterostructures,
their strain engineering, and p-type doping. However, insuffi-
ciently high growth temperatures limit the achievement of two-
dimensional growth of AlGaN layers with atomically smooth
morphology (rmso1 nm) by using thermal enhancement of the
surface mobility of adatoms as it is usually done in high-
temperature gas-phase epitaxial techniques. On the other hand,
PA MBE enables one to raise the surface adatoms mobility through
usage of metal-rich stoichiometric conditions, which provides
sufficient mobility for 2D growth even at the low growth tem-
peratures [6]. However, an essential shortcoming of this approach
is the possible metal accumulation into microdroplets at small
violations of growth conditions which must be maintained within
a relatively narrow “growth window”. Two kinds of pulsed growth
techniques have been proposed to solve this problem, which
are schematically illustrated in Fig. 1(a and b). The first one, the

so-called metal modulated epitaxy (MME) is based on consump-
tion of excessive metal during short-term interruption of all metal
fluxes at the constant values of activated nitrogen flux and
substrate temperature. Initially this technique was developed by
Ferro et al. [7] for growth of binary AlN layers and then it has been
applied to growing the InGaN ternary alloys [8–10]. The second
one, so-called Droplet Elimination by Thermal Annealing (DETA)
initially developed by Terashima et al. [11] for the growth of GaN/
AlGaN superlattices proceeds through thermal evaporation of the
excessive metal (Ga) at the elevated substrate temperature during
full growth interruption by shuttering all the fluxes. In both
techniques, one can distinguish the Droplets Accumulation (DA)
phase of ternary alloy growth under the metal rich conditions and
the Droplet Elimination (DE) phase.

Both Laser Reflectometry (LR) and Reflection High-Energy
Electron Diffraction (RHEED) are the techniques most frequently
used to control growth rate, strain and surface morphology during
MBE growth of different heterostructures [12]. In principle, RHEED
allows one to evaluate Ga-coverage on the surface of the growing
films [6,13], but these measurements are technically difficult for
growth control of the films on rotating substrates.

In this paper we compare pulsed MME and DETA growth
techniques for the PA MBE growth of AlxGa1�xN (x40.4) bulk
epilayers with the aim to achieve atomically smooth and droplets-
free surface morphology, as well as uniform alloy composition
along the growth direction. In addition, an original simple method
using a common IR-pyrometer is developed for detection of the
metal droplet occurrence on the growth surface.
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2. Experimental

All AlGaN films were grown by using PA MBE setup Riber21T on
c-Al2O3 substrates on top of a 500-nm-thick AlN/GaN buffer
structures designed and grown as described earlier [14]. AlGaN
layers were grown by both standard and pulsed techniques
including MME and DETA ones. Table 1 summarizes the main
growth parameters of the studied samples. The AlxGa1�xN layers
having thickness ranged from 500 to 900 nm were grown at the
metal-rich (Ga-rich) conditions and the constant active nitrogen
flux. The Al-content in the layers x, changing between 0.4 and 0.6,
was controlled by variation of the Al flux between different
growth runs. Main shutter closing was used to interrupt all the
fluxes simultaneously and to rise the substrate temperature during
DE phase of DETA technique owing to the heat reflectance effect,
while the power supplied to a substrate heater was maintained
constant.

Surface morphology was characterized by scanning electron
(SEM), optical (OM), and atomic force microscopies (AFM). The
former was also employed for observation of compositional con-
trast at the cross-section of the epilayers by using a back scattering
electron mode. Substrate temperature was controlled in situ by IR
pyrometer MIKRON M680 operating at λ¼910 nm. RHEED (Staib
Instruments, 30 keV) and LR were used for evaluation of surface
morphology and growth rate, respectively, the latter employed a
green laser (λ¼532 nm) and a 1.3 MP CCD camera.

3. Results and discussion

It is well known that during growth of AlGaN ternary alloys
Al adatoms are preferably incorporated to the film, which is
related to the stronger bonding energy of Al-N as compared to

that of Ga-N [15]. Therefore, standard continuous growth of AlGaN
layers under the highly Ga-rich conditions should cause Ga-
droplets accumulation on the surface, as can be clearly seen in
Fig. 2a. In opposite, Fig. 2(b and c) illustrates droplets-free surfaces
of samples grown by using the droplets elimination techniques. An
excess of Ga of about 50 ML for the DA phase was determined
based on the incident fluxes (FIII, FN) and metal desorption rate
(FGades, Al desorption is negligible at these temperatures) as
ðF III�FN�FGadesÞ for both MME and DETA samples. The minimum
duration of DE phase providing the full droplets elimination is
directly related to the growth conditions as

tMME
DE ¼

tMME
DA ⋅ F III−FN−FGadesðTDA

S Þ
h i

FNþFGadesðTDE
S Þ

ð1Þ

for MME, and

tDETADE ¼
tDETADA ⋅ F III−FN−FGadesðTDA

S Þ
h i

FGadesðTDE
S Þ

ð2Þ

for DETA. Ga desorption rates of �0.42 and �1.05 ML/s at
substrate temperatures of 700 and 730 1C, respectively, were
experimentally estimated from Eqs. (1) and (2), using the mini-
mum necessary tDETADE values determined from the IR-pyrometry
experiments as described below.

It has been found that IR-pyrometer signal is very sensitive to
monitor in situ the excess metal (Ga) on the surface of growing
films. Fig. 3 demonstrates the behaviors of LR and IR-pyrometer
signals during growth of AlGaN layer by the MME technique at the
metal-rich conditions with the flux ratio FIII/FN¼2.5 and initial
substrate temperature of 702 1C. Indeed, immediately after the
initiation of growth pyrometer reading drops by 5 1C. Then, during
the whole DA phase the pyrometer signal remains constant. Start

Fig. 1. Schematic illustrations of the flux modulation techniques applied to III-Nitrides growth in MBE: MME (a) and DETA (b). Schematic flux diagrams of DA phase (c) and
DE phases for MME (d) and DETA (e) techniques are also presented.

Table 1
Characteristics of the AlGaN layers grown on AlN/c-Al2O3 templates.

Growth technique AlxGa1�xN growth parameters Parameters of DA phase Parameters of DE phase

x Flux ratio FIII/FN Thickness, mm Temperature TDA (1C) Duration tDA (min) Temperature TDE (1C) Duration tDE (min)

Standard continuous 0.5 2.5 0.7 700 84 – –

MME 0.4 2 0.9 700 10 700 1
DETA 0.6 2.5 0.5 700 2.5 730 1
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of the DE phase, when GaN film continues to grow from the excess
Ga at the closed metal cell shutters, does not change significantly
the pyrometer signal. The signal comes back to the initial level
only when the excessive metal has been consumed by nitrogen
and the surface becomes metal-free again. Analogous behavior
was observed during AlGaN growth by the DETA technique, except
for the DE growth stage, and was also used for determination of
the minimum necessary time of the DE phase. In both cases the
completeness of the DE phase is characterized by a negligible
difference between the pyrometer data before DA and after DE

phases. We believe that the dependence of the pyrometer data on
the excess Ga accumulated at the surface of growing films is
related to scattering and/or absorption of IR radiation by an ultra-
thin Ga film and small droplets on the surface.

Comparative analysis of the morphologies of AlGaN layers grown
by using MME and DETA techniques revealed for the former some
inhomogeneities both on the plain and at the cross-section SEM
images. First, the traces of cracking are observed by both OM (not
shown) and SEM (see Fig. 2b) on the surface of the Al0.4Ga0.6N layer
grown by MME. In addition, Fig. 4 demonstrates formation of the
relatively thick interlayers of a lighter contrast on the cross-
sectional SEM images. The thickness of the layers of about 7 nm
correlates well with the nominal thickness of about 50 ML of the
excess Ga accumulated during the DA phase, estimated from
Eq. (1) taking into account its partial evaporation during the DE
stage. Therefore one can conclude that pure GaN interlayers are
formed during the DE phase of an MME cycle. Furthermore, it is
expected that elastic stress in such recrystallized layers relaxes,
which generates the tensile strain in the subsequent thick AlGaN
layers, causing the development of cracks. In contrast, such unde-
sirable phenomena are not observed in the Al0.6Ga0.4N layer grown
by the DETA technique. This sample exhibits an atomically smooth,
droplet-free surface morphology without any traces of cracking.

Thus, one can conclude that DETAmethod is more appropriate for
the growth of AlGaN layers with perfect surface morphology having
RMS of about 0.4 nm over the area of 2�2 mm2 as shown in Fig. 5.

4. Conclusions

In summary, AlxGa1�xN layers with medium Al-content (x¼
0.4–0.6), having atomically smooth and droplet-free surface mor-
phology, can be grown by low-temperature PA MBE using both
MME and DETA techniques. However, the MME layers

Fig. 2. SEM images of AlGaN samples grown by the standard (continuous) (a), MME (b) and DETA (c) techniques.

Fig. 3. The LR and IR-pyrometer signal variations during AlGaN layer growth by
MME technique.

Fig. 4. Cross-section SEM image of Al0.4Ga0.6N layer grown by MME. Three Ga-
enriched AlGaN interlayers (most probably GaN) can be clearly distinguished.

Fig. 5. AFM image of Al0.6Ga0.4N layer grown by DETA technique with RMS of
0.4 nm over 2�2 mm2.

D.V. Nechaev et al. / Journal of Crystal Growth 425 (2015) 9–12 11



demonstrate traces of cracking probably related to the formation
of rather thick relaxed GaN interlayers inside the AlGaN layer
during metal droplet consumption under the nitrogen flux (DE
phase). Contrary to that, the DETA technique provides the best
surface morphology with RMS of 0.4 nm over 2�2 mm2 without
cracks. In addition, the IR-pyrometry has been demonstrated to be
an efficient tool for detection of the excessive metal on the surface
of growing AlGaN layers.
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a b s t r a c t

In situ three-dimensional X-ray reciprocal space mapping (in situ 3D-RSM) was employed for studying
molecular beam epitaxial (MBE) growth of InGaAs multilayer structures on GaAs(0 0 1). Measuring the
symmetric 004 diffraction allowed us to separately obtain film properties of individual layers and to
track the real-time evolution of both residual strain and lattice tilting. In two-layer growth of InGaAs,
significant plastic relaxation was observed during the upper layer growth, and its critical thickness was
experimentally determined. At the same thickness, it was found that the direction of lattice tilting
drastically changed. We discuss these features based on the Dunstan model and confirm that strain
relaxation in the multilayer structure is induced by two kinds of dislocation motion (dislocation
multiplication and the generation of dislocation half-loops).

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The development of high quality (low dislocation density) and
fully strain-relaxed III–V layers grown on lattice-mismatched
substrates is required for future optoelectronic devices such as
hetero-junction transistors and multi-junction solar cells [1–3]. To
reduce lattice-mismatch strain, compositionally step-graded buf-
fers (CSBs), which are step-like multilayer structures with different
lattice constants, have often been inserted between active layers
and substrates. While CSBs have been shown to function well as
dislocation filters [4], efficient methods of strain relief still need to
be explored, because reducing the total thickness of the CSBs
lowers the production cost of devices. For this reason, it is
important to understand the fundamental mechanisms of strain
relaxation in multilayer structures.

To do this, the relaxation processes of individual layers need to
be studied separately. For this purpose, in situ three-dimensional
X-ray reciprocal-space mapping (in situ 3D-RSM) is suitable, since
each layer differs in lattice constant and yields diffraction peaks at
different points in reciprocal space [5]. This is in contrast to
reflected high energy electron diffraction and surface reflectance
monitoring, which are sensitive only to the top layer of the

multilayer [6,7], and monitoring of the substrate curvature, which
provides average information over the entire multilayer [8]. In this
study, we employed in situ 3D-RSM to study an InGaAs multilayer
structure consisting of two InGaAs layers with different indium
compositions. The in situ measurement of the X-ray intensity
distribution around the symmetric 004 diffraction revealed the
characteristic behavior of the residual strain and the lattice tilting
of each layer.

2. Experimental procedure

The in situ 3D-RSM was carried out at a synchrotron radiation
facility, SPring-8 (Beamline 11XU) using a surface X-ray diffract-
ometer that is directly coupled to a MBE apparatus. A detailed
system configuration can be found elsewhere [9,10]. The GaAs
(001)70.11 substrate was mounted on a molybdenum block, and
loaded into the MBE chamber. After removal of the native oxide
layer and the growth of a 100 nm-thick GaAs buffer layer,
In0.11Ga0.89As was deposited to a thickness of 300 nm. Subse-
quently, a 300 nm-thick In0.20Ga0.80As layer was grown on the
first layer, as shown in Fig. 1(a). The growth rate, temperature and
vacuum pressure were 0.2 ML/s, 470 1C and 3�10�4 Pa, respec-
tively. Synchrotron X-rays from an in-vacuum undulator were
monochromatized to λ¼0.827 Å and focused to 0.3 mm horizon-
tally and 0.1 mm vertically. X-rays diffracted by the symmetric 004
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plane were detected by a two-dimensional charge coupled device
(CCD) camera. It took 72 s to obtain a single 3D-RSM, which was
composed of 60 CCD images. This measuring time corresponds to a
thickness of 3 nm for the employed growth rate of InGaAs. As
shown in Fig. 1(b), the residual strain of the InGaAs multilayer
structure can be estimated from peak positions along the
L direction on the assumption of constant indium composition
during the growth. The indium composition in each layer was
confirmed by post-growth X-ray diffraction. The direction and
magnitude of lattice tilting in each layer were evaluated from peak
positions in the H–K plane.

3. Results

Typical H–L and K–L projections of the 3D-RSM at different
layer thicknesses are shown in Fig.1(c). The upper and lower (in
brackets) thicknesses indicate the thicknesses of the total film and
the second layers, respectively. The peak positions for both the
first and second layers move along the L direction with increasing
second-layer thickness. This is due to a decrease in the residual
strain in each layer. The peaks also move along the H and K
directions. This corresponds to lattice tilting during the second
layer growth.

Fig. 2 shows the peak shifts along the L direction for the first
and second layers as a function of the total InGaAs thickness.
During the growth of the first layer, the InGaAs layer is fully
strained on the substrate up to a thickness of about 40 nm, and a
large strain relaxation is observed at around 120 nm. Conse-
quently, relaxation of the first layer reaches 56% at the end of
the first layer growth. These observations agree with our previous
work [11]. At a thickness of 344 nm, a large strain relaxation is
observed again for both the first and second layers. As thickness
increases further, strain relaxation of the first layer stays around
94%, even after additional growth of the second layer.

Fig. 3(a) shows the trajectory of the diffraction peak position of
the first layer during the growth of the InGaAs layers, demonstrat-
ing the correlation between the strain relaxation and the lattice
tilting. Since the lattice tilting is due to the in-plane anisotropic
distribution of misfit dislocation Burgers vectors [12], the correla-
tion is helpful to deduce the dislocation motion in the multilayer
structure. Fig. 3(b) shows the projection of the peak positions on

the H–L plane. The direction of the lattice tilting changes from
o0104 to o1104 concomitantly with the large strain relaxation
at a thickness of 344 nm, where the increase in the magnitude of
lattice tilting is accelerated as well. This indicates a strong
correlation between strain relaxation and lattice tilting.

4. Discussion

The present in situ 3D-RSM results have revealed an interaction
between the first and second InGaAs layers. One of the effects of the
interaction is found in the significantly earlier strain relaxation of the
second layer, which occurred at a thickness of 44 nm, compared to
that of the first layer, which was observed at a thickness of 120 nm.
This accelerated relaxation of the second layer can be explained by
dislocation multiplication [13]. When the second layer is grown on
the partially relaxed first layer, threading dislocations reaching from
the first layer provide sources for misfit dislocations in the second
layer. Thus, strains in the second layer are effectively relaxed through
dislocation multiplication from the high density of sources.

Another indication of the interaction between the first and
second layers is the fact that the residual strains in the first layer
were relieved when the second layer was relaxed at a thickness of

Fig. 1. (a) Structure of the InGaAs multilayer structure grown on GaAs(001) substrate. (b) Measured 004 reciprocal points in reciprocal space. (c) Typical H–L and K–L
reciprocal space maps at different InGaAs total thicknesses. The thickness of the second layer is given in brackets.

Fig. 2. Evolution of diffraction peak positions along index L associated with the
residual strain for the 1st and 2nd layers as a function of total InGaAs thickness. The
arrows indicate the thicknesses at which large strain relaxations were observed in
the single (120 nm) and two-layer structures (344 nm).
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344 nm. At the same time, the lattice planes of the first layer started
to tilt in a different way than before the growth of the second layer.
Obviously, the altered relaxation found in the first layer is caused by
the dislocation half-loops [14] extended from the interface between
the first and second layers to the substrate. When reaching the
interface between the first layer and the substrate, the dislocation
half-loops newly generate misfit dislocations [15], the anisotropy of
which causes the tilting of the lattice planes. It is not surprising that
the in-plane anisotropic distribution of these post-generated disloca-
tions is different from that of the preexisting dislocations because
they have independent origins.

Dunstan et al. [16,17] proposed a model to deal with the
relaxation of multilayer structures. In this model, the critical thick-
ness of the i-th layer, tic , is given by tic ¼ k=Δεim, where Δεimis the
misfit between the i-th and (i-1)-th layer. The average residual strain
is defined asεnr ðdÞ ¼ k=

Pn
i ¼ 1 d

ifor a multilayer structure consisting of
n layers, with thicknesses di(i¼1, 2,…n). The coefficient k has been
experimentally determined to be about 0.8 nm [17]. The validity of
this model for single layer structures has been demonstrated by
X-ray diffraction and transmission electron microscopy [18,19]. A
comparison of the present in situ X-ray diffraction results with the
model is given in Table 1. The model well explains the critical
thickness t1c and residual strains ε1r of the first layer. However, a
significant discrepancy was found for the critical thickness of the
second layer, t2c , which is experimentally determined to be 44 nm,
and predicted by the model to be 82 nm. The reduction of the critical
thickness suggests that the dislocation motion in the second layer is
considerably altered by dislocation multiplication.

5. Summary

We have investigated the strain relaxation mechanisms in an
InGaAs multilayer structure grown on a GaAs(001) substrate by
MBE. The in situ measurement of 3D-RSM for the symmetric 004

reflection enabled a direct observation of the relationship between
strain relaxation and lattice tilting. Based on the obtained experi-
mental results, we clarified that there are two processes in terms
of dislocation motion (dislocation multiplication and generation of
dislocation half-loops) which occur during the growth of the
multilayer structure. The validity of our interpretation is consistent
with a comparison to Dunstan's model.
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Table 1
Comparison of model and experimental values of relaxation critical thickness tc and
residual strain εr(d) for the single and two-layer structures. Thickness d is chosen to
be 150 (single-layer) and 350 nm (two-layer) during the large relaxation where
Dunstan's model is applicable [14].

Single-layer structure Two-layer structure

t1c ε1r 150 nmð Þ t2c ε2r 350 nmð Þ

Model 100 0.0053 82 0.0029
Experiment 122 0.0059 44 0.0023
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a b s t r a c t

The use of reflectance anisotropy spectroscopy (RAS) for the real time monitoring of the growth of InAs
based heterostructures by molecular beam epitaxy within the photon energy range 1.5–5.0 eV is
reported. The complete desorption of the native oxide for InAs substrates was monitored using a single
wavelength and epitaxial growth of InAs was also monitored under both the As- and In-rich surface
reconstructions. Further the changes in the RAS and reflectance data for ternary and quaternary layers
demonstrated the usefulness of this system as an in-situ tool for monitoring the composition of layers for
this important class of narrow gap semiconductors. In addition, emissivity corrected pryometry
temperature was measured using the RAS system. Growth rates for the individual layers in a
heterostructure were also determined from an analysis of the reflectance data.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

III–V semiconductors in the lattice constant range between 6.05
and 6.3 Å are being actively considered for a number of applications.
These materials when combined in a superlattice structure are
potential alternatives to HgCdTe infrared detectors [1]. Because of
their superior transport properties [2,3] they also represent a class of
materials for future replacement of the channel in silicon based CMOS
technology. Among the substrates in this family are InAs and GaSb
materials with lattice constants of 6.06 Å and 6.096 Å respectively and
bulk bandgaps, EG of 0.35 eV and 0.726 eV respectively. While other
III–V substrates can be made semi-insulating, the same is not true for
InAs and GaSb. As a result, the fabrication of planar electronic devices
on these substrates must be carried out on structures with suitable
buffer layers so that the conducting substrate is completely isolated to
eliminate parallel conduction. To overcome this limitation, a large
bandgap buffer layer that is lattice matched to the substrates is
required. One such buffer layer is the ternary mixed group V material,
AlAsSb with an As composition of approximately 16% and for which
careful control of the group V fluxes are necessary during growth.
Such layers were successfully grown lattice matched on InAs sub-
strates both by MBE [4] and MOCVD [5]. In-situ monitoring of the
growth on these narrow bandgap substrates would be useful to
provide an accurate measure of the substrate temperature and real
time control of the layer composition and possibly doping. In this
paper wewill report on the use of reflectance anisotropy spectrometry

(RAS) to provide real time information during the MBE growth of InAs
based heterostructures.

While the reflection high energy electron diffraction (RHEED)
technique has been the normal in-situ monitoring technique used
during MBE growth, various optical techniques such as spectro-
scopic ellipsometry [6] and reflectance difference spectroscopy [7]
have been developed as alternative non-destructive techniques
used for growth monitoring. The optical techniques are conducive
to non-UHV growth techniques where RHEED cannot be used
allowing for the monitoring of the surface during growth [8].
Reflectance anisotropy spectroscopy (RAS) is based on measuring
the optical anisotropies associated with cubic semiconductors due
to surface dimers [9]. The RAS technique measures the anisotropic
optical response of the surface due to reconstructions, bonds and
even doping by taking the difference in the reflectance of light
polarized along two orthogonal axes of the crystal surface,

ΔR
R

¼ 2
Rx�Ry

RxþRy

where Rx and Ry are the reflectances for linearly polarized light
along the orthogonal [110] directions. The anisotropy signal is the
result of surface reconstructions having characteristic configura-
tion due to dimerization [10]. The RAS optical setup utilizes a near
normal incidence angle and due to the cubic symmetry in bulk
semiconductors with zincblende crystal structures, the isotropic
bulk has nearly no contribution to the RAS signal. The RAS signal
therefore originates solely from the anisotropy of the recon-
structed surface and is ideal for the investigation of surface
phenomenon in III–V semiconductors. The changes in the RAS
signal can also be a function of the doping. Studies have shown
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that for both GaAs and InP, the surface electric fields generated
depend on the doping type [11,12]. In this study we will investi-
gate the usefulness of this technique for narrow gap
semiconductors.

2. Experimental

This study was carried out using a LayTec EpiRAS system
mounted on the pyrometer port of a DCA III–V MBE system
allowing for normal incidence beam paths. The MBE is used for
the growth of high mobility narrow gap heterostructures with As
and Sb valved crackers for the group V sources. Elemental group III
sources include Ga, In and Al with Te and Be used for n- and p-type
doping. To facilitated measurements using the EpiRAS system, a
strain free window was mounted on the pyrometer port. During
layer growth the group V valve crackers temperatures were set to
obtain dimeric species. Because of the high group V overpressure
needed for MBE growth the viewport windows were coated in a
very short time after growth initiation resulting in a dramatic
reduction of the RAS signal. To overcome this problem the strain-
free window was heated during all MBE growth and during data
acquisition.

All experiments were carried out on epiready InAs substrates
that were mounted in indium free holders. To remove the native
oxide, the substrate was ramped to a temperature of 640 1C as
measured by manipulator thermocouple with the As flux during
this process fixed at 8�10�6 mbar until the diffraction pattern
transitions for a 3� to 2� reconstruction along the [110] azimuth.
To ensure complete removal of the surface oxide the sample was
annealed at 10–15 1C higher for 30 min. An InAs epitaxial buffer
layer was grown at 500 1C using an initial growth rate of 0.15 ML/s
for a thickness of 20 nm followed by a growth rate of 0.5 ML/s for
subsequent growths. AlAsSb growth lattice matched to InAs was
carried out using a digital growth scheme as outlined in ref. 4 at a
temperature of 500 1C. The As content for this layer to be lattice
matched to InAs is 16.8% as determined by high resolution XRD
measurements.

The EpiRAS system used consists of a XBO arc bow lamp as light
source. The light, in the wavelength region from 1.5 eV to 5 eV,
from this source is polarized by a Glan-air type polarizing prism
and is focused on the sample using spherical mirrors. Using the
strain free window on the pyrometer port, the light path is close to
normal incidence on the substrate and allows for the use of a
spherical mirror in the anti-wobble mirror configuration needed

to optically compensate for the wobbling generated by sample
rotation. The reflected light is generally elliptically polarized and
carries information about the sample encoded in the intensity
(reflectivity) and polar angle (reflection anisotropy signal). The
state of polarization is analyzed using photo-elastic modulator and
a Si detector. An additional light path is used to provide a measure
of the sample surface temperature, using the emissivity corrected
pyrometry.

3. Results and discussions

The growth on InAs substrates requires a careful removal of the
native oxide and RHEED signatures are typically used to determine
the onset of oxide desorption. However this change is gradual and
in our laboratory we use a RHEED transition from 3� to 2�
reconstruction along the [110] azimuth as the onset for oxide
desorption followed by an anneal for 30 mins at a temperature
that is 10–15 1C higher. We take this temperature as a calibration
point to represent a real temperature of 520 1C. Fig. 1 shows a
typical 2D plot of the time resolved spectroscopic RAS signal
during this InAs oxide desorption process followed by the homo-
epitaxial growth of an InAs buffer and an AlAsSb ternary layer also
lattice matched to InAs. The complete structure represented in the
2D plot is shown on the right of Fig. 1. In addition to extracting RAS
and reflectance information, the system also measures the emis-
sivity corrected substrate temperature in real time. Fig. 2 shows a
plot of the RAS signal at a single wavelength of 3.4 eV (364.6 nm)
during the growth of the structure. The emissivity corrected
temperature extracted is also shown in the plot. As a reference a
system thermocouple reading of 650 1C corresponds to an emis-
sivity corrected temperature 546 1C as measured by the RAS
system. This suggests that the RAS system overestimates the
temperature by approximately 16 1C. Fig. 3 plots the spectra for
various emissivity corrected temperatures as the InAs substrate is
heated from room temperature during the oxide desorption
process. An inspection of the spectra shows that gradual changes
occur as the temperature is ramped from room temperature until a
measured temperature of around 520 1C with significant changes
in the spectra occurring between 520 1C and 530 1C above which
these spectra remained fairly constant in shape. This result show
that while RHEED may be able to suggest an onset of oxide
desorption, the surface structure is dynamic and would require
additional time/higher temperature to achieve a clean oxide free
surface. The plot also suggests that by monitoring a single

Fig. 1. 2D plot of the absolute value of the time resolved RAS spectra during MBE growth of an InAs based heterostructure shown on the right. The vertical line is at a photon
energy of 3.4 eV.
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wavelength the oxide desorption process can be followed. An
inspection of Figs. 1 and 2 showed that significant changes in the
spectra occur at the 3.4 eV (364.6 nm) wavelength.

Since the RAS signal gives a measure of the surface anisotropy,
this measurement technique will be sensitive to the surface
reconstruction. Reports suggest that InAs can be grown using a
low As/In flux ratio albeit with high defects. However it is the
experience in our laboratory that any InAs surface haze that is due
to non-ideal growth parameters can be completely eliminated
when growth is carried out under slightly In-rich conditions.
Growth under these 2 conditions results in dramatic change in
the RAS signal since the surface anisotropy is switched. Fig. 4
shows the spectral plot of the RAS data during the growth of InAs
under the two surface reconstructions. The data was initially taken
during the growth of InAs under an As stabilized (2�4) recon-
struction. To achieve an In stabilized (4�2) reconstruction, the As
flux was reduced gradually and the RHEED monitored until the
required reconstruction was achieved. After increasing the As back
to the level required for the (2�4) surface, the RAS spectrum is
almost identical to that prior to the growth under the In-rich
regime. The growth under the In-rich (4�2) regime had no effect
on the subsequent As-rich growth of InAs with respect to its
surface crystallinity and stoichiometry as confirmed by the RHEED

observations, suggesting that both RHEED and RAS techniques are
not sensitive to surface defects present when growth is carried out
under In-rich conditions as reported in the literature [4,13]

Lattice matching of III–V heterostructures on InAs requires
careful control of the alloy composition of ternary and quaternary
layers. While the composition of the group III fluxes can be
determined from RHEED oscillations, the group V flux ratios are
inherently more difficult due to the non-unity sticking coefficients
of both As and Sb and the fact that the incorporation rates are
dependent on growth temperature. An initial investigation of the
growth of ternary lattice matched layer was also monitored in the
2D plot of Fig. 1. In this structure, 2 ternary layers were grown each
100 nm thick but with the bottom ternary layer doped n-type with
Te to a level of 2�1017 cm�3, while the rest of the structure was
undoped. From the plot of Fig. 2, there appears to be some
difference in the RAS signal for the 2 layers suggesting that the
RAS signal may be used as an in-situ tool to monitor doping during
growth. Further, the RAS signal at 3.4 eV for the growth of the
quaternary layer is much higher than those for the ternary layers,
indicating the potential for using this technique for composition
monitoring and control. To investigate the use of the reflectance
anisotropy spectroscopy to monitor and control composition, the
structure shown on the left of Fig. 5 was grown which includes
two 300 nm quaternary layers separated by an InAs layer. The
bottom quaternary layer having a low indium composition was
grown using a digital alloy techniques while the top quaternary
layer was growth using conventional MBE by adjusting the group
V fluxes to give the required composition. The plot shows on the
right of Fig. 5 represent the RAS and reflectance data extracted
from the 2D plot for a wavelength of 4.1 eV. The plot shows that
both the RAS signal and the reflectance is a function of the
composition of the layers. The combination of the RAS and
reflectance data can be used to fully characterize the grown layer.
The reflectance data is sensitive to the growth rate which solely
depends on the group III fluxes and intensity oscillations can be
used to monitor the In and Al ratios. The RAS signal on the other
hand is more surface sensitive and can be used to assess the As to
Sb ratio of the quaternary layers [14]. As seen in plot of Fig. 5, the
reflectance signal increases significantly with higher Al concentra-
tion in the quaternary layer while the RAS signal decreases with
increasing As to Sb ratio. A more comprehensive study for

Fig. 2. Plot of the RAS signal the growth of the heterostructure shown in Fig. 1 for a
single wavelength at a photon energy of 3.4 eV. Also shown is the emissivity
corrected temperature measured by the RAS system during the InAs oxide
desorption process.

Fig. 3. Plot of the RAS spectra during InAs oxide desorption. The temperature
shown in the legend is in 1C is taken from the plot of Fig. 2.

Fig. 4. RAS signal measured during the growth of InAs initially during the As-rich
(2�4) conditions, followed by an In-rich (4�2) surface reconstruction and finally
back to an As-stabilized (2�4) reconstruction achieved by increasing the incident
As flux.
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different alloy compositions lattice-matched to InAs can provide a
clear trend line for monitoring the ratios for both the group III and
group V elements using the reflectance and RAS data in
conjunction.

Oscillations in the reflectance data can be used to calculate the
growth rate and thickness of the layers grown and can also be
used for determination of the alloy composition for multicompo-
nent layers. The oscillation in the reflectance data occurs due to
change in thickness of the epilayer resulting in the interference of
optical beam as they reflected from the interface and surface. The
thickness of the layer represented by the period of the oscillations
is a function of the dielectric constants of the growing layer and
the wavelength used. For optically thick materials, these oscilla-
tions disappear altogether. Fig. 6 shows the reflectance data
extracted at 1.5 eV for the structure grown as represented in
Fig. 5. Clear oscillations can be seen for the growth of the various
layers with the exception of the first InAs buffer layer. The
oscillation is absent for homoepitaxial growth as there is no
difference in dielectric constants between the substrate and
epitaxial film. Each layer was fitted for n, k and growth rate, the
results of which are shown in the Table 1 giving values at 1.5 eV at
growth temperature of around 500 1C. The growth rates agree
with those determined by RHEED oscillations and high resolution
x-ray diffraction measurements.

4. Conclusions

The capability of the RAS technique as an in-situ tool to monitor
the MBE growth heterostructures has been demonstrated. In
particular, this represents an important technique for the MBE
development of the narrow gap InAs based heterostructures,
critical for applications in a number of important device technol-
ogies, including infrared detectors and next generation CMOS
transistors. The oxide desorption from the substrates was mon-
itored spectrally from 1.5 eV to 5.0 eV and the data suggest that a
single wavelength is sufficient for determining the complete
removal of the native oxide. In addition, the surface reconstruction
during growth was monitored to determine whether InAs was
being grown under In-rich or As-rich conditions. Both the RAS and
reflectance signals were sensitive to alloy composition and to
some extent doping. Fitting the reflectance data, the growth rates
and optical constants of the individual layers were extracted. The
growth temperature was also measured using the RAS setup with
the temperatures representing the emissivity corrected values that
can be used with certainty during MBE growth of multilayer

structures. The data presented in this paper demonstrate the
usefulness of the RAS technique for growth monitoring and
possibly control. In addition to its application for monitoring layer
growth during MBE, this all optical technique is also ideal for use
in non-UHV deposition tools where it is not possible to use RHEED.
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a b s t r a c t

We report on real-time reflectance-difference (RD) spectroscopic measurements carried out during the
homoepitaxial grow of GaAs under As overpressures in the range from PAs ¼ 6� 10�7 �5� 10�6 Torr.
We found that the time-dependent RD spectrum is described in terms of two basic line shapes. One of
these components is associated to the orthorhombic surface strain due to surface reconstruction while
the second one has been assigned to surface composition. Results reported in this paper render RD
spectroscopy as a powerful tool for the real-time monitoring of surface strains and its interplay with
surface composition during growth.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Reflectance-difference spectroscopy (RDS) is a noninvasive,
contrasting technique that suppresses the bulk isotropic compo-
nent of the optical reflectance spectrum of cubic semiconductors
enhancing its surface-associated component. Both its noninvasive
character and surface specificity make RDS a very attractive tool
for monitoring the epitaxial growth of zincblende semiconductors,
as it was first reported by Aspnes and collaborators [1]. The
interpretation of reflectance-difference (RD) spectra, nevertheless,
poses some challenges as the surface may become anisotropic for a
number of physical mechanisms [2], including surface electric
fields [3], α and β dislocations [4], surface reconstruction strains
[5,6] and surface dimers [7,8]. At the same time, time-resolved RD
spectra measured during epitaxial growth would lead to a great
deal of information on the kinetics of epitaxial growth, provided
we can resolve them into their different components and deter-
mine the time-evolution of such components during growth.

Previously we reported on real-time RDS of homoepitaxial GaAs
(001) grown by molecular beam epitaxy (MBE) [9]. For the growth
we employed a As overpressure ðPAsÞ of 1� 10�6 which led to a rich
surface reconstruction evolution as growth progressed as well as to

considerable changes in RD spectrum line shape. We showed that the
time-evolution of RD spectra during growth is well described in
terms of two independent components, each with a specific physical
origin. In this paper we report on the results of a study carried out
within a range of As overpressures and demonstrate that our
previous results can be extended to more general growth conditions.

2. Experimental details and results

Epitaxial growth was carried out on (001) GaAs substrates in a
solid-source MBE chamber (Riber 32P). Epitaxial growth was carried
out under four As overpressures (PAs) ranging from 6� 10�7 to 5�
10�6 Torr at a growth rates from 0.14 to 0.23 ML/s as determined
from RHEED oscillations. Growth substrate temperature was 520 1C
in all cases. Epitaxial growth was initiated/interrupted by opening/
closing the Ga shutter and lasted for about 45 s. Time-resolved
spectroscopic RD measurements were performed with a rapid RD,
32-channel spectrometer attached to the epitaxial growth chamber.
More details on the RD spectrometer are given elsewhere [10]. In
order to correlate RD changes with surface reconstruction changes,
RHEED patterns were acquired concurrently with RD spectra.

To prevent components associated to dislocations in the
measured RD spectra, a 0:3 μm thick GaAs buffer layer was grown
prior to carrying out the experiments. Further, to avoid electro-
optical contributions that may hinder the analysis of the RD line
shapes, we did not intentionally dope the GaAs films.
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In Fig. 1 we show time-resolved RD spectra of GaAs homoepitaxy
for (a) PAs ¼ 6� 10�7 Torr and (b) PAs ¼ 5� 10�6 Torr. Lowermost
spectra in both cases correspond to GaAs surfaces under As flux, just
before starting growth. For PAs ¼ 6� 10�7 the evolution of the RD
spectrum is rather involved. This is in correspondence with the
evolution of the GaAs surface reconstruction which changes from
cð4� 4Þ before starting growth, to ð2� 4Þ after the deposition of
about 0.5 ML GaAs, and to a Ga-rich ð4� 2Þ phase after steady state
growth is reached. In comparison, the RD spectrum evolution for
PAs ¼ 5� 10�6 Torr is simpler according to the less varied surface
reconstruction changes. We note, nevertheless, that irrespective of
PAs values, there is a change in RD spectrum line shape as growth
progresses.

3. RD line shape analysis

The rather complex evolution of RD spectra during epitaxial
growth is indicative that they comprise at least two components,
each one with its own time-evolution. We may further expect
these two components to result from different physical processes.
As reported previously [9], a Singular Value Decomposition (SVD)
[11] analysis of the experimental, time-dependent RD spectra
measured during MBE GaAs homoepitaxial growth shows that
for PAs ¼ 1� 10�6 the RD spectrum is written in terms of two
independent components, allowing thus write

ΔR
R

¼ c1ðtÞS1ðEÞþc2ðtÞS2ðEÞ; ð1Þ

where ΔR=R is the experimental RD spectrum, S1ðEÞ and S2ðEÞ are
independent line shape components, each one associated to a
specific physical mechanism, and c1ðtÞ and c2ðtÞ are coefficients
that account for the time-evolution during growth of components
S1ðEÞ and S2ðEÞ, respectively.

Provided we have access to S1ðEÞ and S2ðEÞ line shapes, as well as
to their physical interpretation, a great deal of information on epitaxial
growth dynamics may be obtained from the fitting of Eq. (1) to real-
time RD spectra. In this regard, we note that while the SVD analysis
yields by construction orthogonal independent line shapes, in our case
these line shapes may correspond to linear combinations of S1ðEÞ and
S2ðEÞ and may have therefore a mixed physical origin.

Previously we took advantage of the substantial changes in RD
line shape that occur during the homoepitaxial growth of GaAs

Fig. 1. Filled and open circles: representative time-resolved RD spectra during MBE GaAs homoepitaxy for two As overpressures. Panels (a) and (b) correspond to 6�
10�7 Torr and 5� 10�6 Torr, respectively. Growth temperature and growth rate are as indicated. Spectra have been displaced vertically for the sake of clarity with zeros as
indicated with horizontal lines. Growth started at t¼0 and was interrupted at t¼44.5 s. Time shown next to each spectrum corresponds to time elapsed after starting
growth. Lowermost spectra in both panels were measured just before starting growth, while uppermost spectra were measured long after closing the Ga shutter. Continuous
lines correspond to line shapes synthesized in terms of two the basic line shape components S1ðEÞ and S2ðEÞ as discussed in the text.

Fig. 2. S1ðEÞ and S2ðEÞ line shapes employed to model the time-dependent RD
experimental spectra. These line shapes were obtained from a SVD analysis of time-
dependent RD spectra measured during the MBE homoepitaxial growth of GaAs
under a 1� 10�6 Torr As overpressure.
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under low As overpressure conditions to identify two independent
S1ðEÞ and S2ðEÞ components with specific physical origins [9]. S1ðEÞ
was found to be associated to the surface strain induced by surface
reconstruction and has a resonant-like line shape with prominent
optical features around E1 and E1þΔ1 transitions. S2ðEÞ has an
energy-extended line shape and was suggested to be associated to
surface stoichiometry. S1ðEÞ and S2ðEÞ line shapes are shown in
Fig. 2. They were obtained from a SVD analysis of time-dependent
RD spectra measured during the MBE homoepitaxial growth of
GaAs as discussed elsewhere [9].

Continuous lines in Fig. 3 correspond to spectra synthesized on
the basis of Eq. (1) employing the S1ðEÞ and S2ðEÞ line shapes shown
in Fig. 2. As it can be seen, for both higher and lower pressure growth
Eq. (1) accounts for all the essential features of the time-resolved RD
spectra. Namely, (1) the resonant structure around E1 and E1þΔ1 and
(2) the extended broad-energy line shape. The largest discrepancy
between the experimental spectra and the modeled spectra, which is,
nevertheless, rather small, occurs for a few spectra measured just after
closing the Ga shutter, theworst case being illustrated by the spectrum

corresponding to t¼48.5 s in Fig. 1. This result shows that the basic
S1ðEÞ and S2ðEÞ line shapes obtained for PAs ¼ 1� 10�6 Torr work as
well for both lower and higher As fluxes.

4. Discussion and conclusions

Fitting Eq. (1) to time-resolved RD spectra yields both c1ðtÞ and
c2ðtÞ coefficients. In Fig. 3 we plot these coefficients as a function of
time for the four studied As overpressures as indicated. Transients are
observed for both c1ðtÞ and c2ðtÞ upon opening/closing the Ga shutter
to initiate/interrupt epitaxial growth. At the top of each panel of Fig. 3
we further show the amplitude of the specular RHEED spot. Fig. 3
shows that for PAsr1� 10�6 Torr the time evolution of coefficients
c1ðtÞ and c2ðtÞ is more involved than for PAsZ2� 10�6. This is
in agreement with the three-step cð4� 4Þ-ð2� 4Þ-ð4� 2Þ trans-
formation in surface reconstruction observed during growth for
PAsr1� 10�6 Torr. For PAsZ2� 10�6 Torr, in contrast, the
Ga-rich ð4� 2Þ reconstruction is never reached and the GaAs surface

Fig. 3. Time evolution of coefficients c1ðtÞ and c2ðtÞ upon opening and closing the Ga shutter. Arsenic overpressures are as indicated. Surface reconstruction before opening
the Ga shutter to start growth was c(4�4). At the top of each panel the corresponding amplitude of the RHEED specular reflection is shown. Upon opening the Ga shutter a
transient in surface reconstruction is observed.
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remains As-rich all along growth. We further note that for PAsr1�
10�6 Torr (two upper panels in Fig. 3) the time-evolution of
coefficient c1ðtÞ is qualitatively different from that of c2ðtÞ. This result
indicates that S1ðEÞ and S2ðEÞ are no correlated, in spite of the fact that
both components respond to changes in the surface composition
occurring upon opening or closing the Ga shutter. In what follows we
discuss the results shown in Fig. 3.

We will first consider coefficient c1ðtÞ. As reported previously,
coefficient c1ðtÞ corresponds to the RD component associated to the
surface strain due to surface reconstruction [9]. In this regard, it is
known that due to the preferential orientation of surface dimers, surface
reconstruction induces an orthorhombic strain in the near-surface
region of GaAs thus leading to a surface anisotropy [5]. Accordingly,
as shown in Fig. 3a and b, for PAsr1� 10�6 Torr coefficient c1ðtÞ
swings from negative to positive values as surface reconstruction
changes from cð4� 4Þ to ð2� 4Þ, which is consistent with the 901
rotation of the GaAs As dimers upon the cð4� 4Þ-ð2� 4Þ surface
transformation [12]. Further, Fig. 3a and b shows that the value of
coefficient c1ðtÞ decreases upon the ð2� 4Þ-ð4� 2Þ transformation.
No zero crossing was observed, nevertheless, as it could had been
expected for a surface changing from As-rich to Ga-rich. Upon closing
the Ga shutter c1ðtÞ rises sharply as the surface becomes As-rich and
then decreases slowly towards stabilization.

For PAsZ2� 10�6, as pointed out above, the high Arsenic flux
prevents the surface from becoming Ga-rich (as a matter of fact, it
even prevents its full transformation to the ð2� 4Þ phase). As a
result, as Fig. 3c and d shows, coefficient c1ðtÞ does not change sign
during growth. How close to zero c1ðtÞ becomes depends on how
low PAs is. After the end of growth c1ðtÞ rises slowly and reaches a
steady state value at a time t4100 s.

Regarding coefficient c2ðtÞ, we point out that while the physical
origin of spectrum S2ðEÞ is not fully understood at present, it may be
associated to surface stoichiometry as suggested previously [9]. In
agreement with this hypothesis, Fig. 3a and b shows that for
PAsr1� 10�6 coefficient c2ðtÞ decreases rapidly after starting
growth, reaching a minimum when the sharpest ð2� 4Þ RHEED
pattern is observed. Afterwards, c2ðtÞ increases gradually and attains
a constant value as steady state growth is reached. Upon closing the
Ga shutter, c2ðtÞ first decreases sharply and then gradually recovers.
Thus, coefficient c2ðtÞ follows closely the various changes in surface
composition taking place during growth.

For PAsZ2� 10�6, as Fig. 3c and d shows, the time evolution of
coefficient c2ðtÞ is simpler as changes in surface stoichiometry are
not that varied. Upon starting growth, c2ðtÞ sharply decreases and
then remain approximately constant. After closing the Ga shutter
c2ðtÞ slowly rises to recover its starting value.

We note that not taking into account RHEED oscillations, the time-
dependence of the intensity of the specular RHEED spot mimics that
of coefficient c2ðtÞ, albeit multiplied by minus one. This is true for low
as well as for high As overpressures. This adds further support the
association of the S2ðEÞ component with the surface composition.

In conclusion, we carried out real-time RD spectroscopic
measurements during the homoepitaxial grow of GaAs under As
overpressures in the range from PAs ¼ 6� 10�7�5� 10�6 Torr.
We found that the time-dependent RD spectrum is described in
terms of two basic line shapes, which are the same independently
of PAs. One of these components is associated to the orthorhombic
surface strain due to surface reconstruction while the second one
has been assigned to surface composition. Results reported in this
paper render RD spectroscopy as a powerful tool for monitoring
the epitaxial growth of zincblende semiconductors as well as for
the study of the kinetics of epitaxial growth processes. In parti-
cular, it allows for the real-time monitoring of surface strains and
its interplay with surface composition during growth.
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a b s t r a c t

Authors discuss how anion incorporation was controlled during the epitaxial growth process to develop
InAs/GaInSb superlattice (SL) materials for very long wavelength infrared applications. A SL structure of
47.0 Å InAs/21.5 Å Ga0.75In0.25Sb was selected to create a very narrow band gap. Although a molecular
beam epitaxy growth developed can produce a strain balanced ternary SL structure with a precisely
controlled band gap around 50 meV, the material quality of grown SL layers is particularly sensitive to
growth defects formed during an anion incorporation process. Since Group III antisites are the dominant
structural defects responsible for the low radiative efficiencies, the authors focus on stabilizing III/V
incorporation during SL layer growth by manipulating the growth surface condition for a specific anion
cracking condition. The optimized ternary SL materials produced an overall strong photoresponse signal
with a relatively sharp band edges and a high mobility of �10,000 cm2/V s that is important for
developing infrared materials.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The InAs/GaInSb superlattice (noted as “ternary SL”) system
provides several distinctive theoretical advantages suitable for
very long wavelength infrared (VLWIR) detection [1]. With
increasing indium composition, a very narrow band gap can be
achieved with a smaller period for the ternary SL system, leading
to a larger absorption coefficient due to enhanced electron and
hole wavefunction overlap [2]. More importantly, the strain can
create a large splitting between the heavy-hole and light-hole
bands in the ternary SLs, which reduces the hole–hole Auger
recombination process and increases the minority carrier lifetime,
thus improving the device detectivity. Based on minimizing the
Auger recombination, Grein et. al. [3] proposed a strain balanced
VLWIR ternary SL of 47.0 Å InAs/21.5 Å Ga0.75In0.25Sb, which is the
design used in our studies. Haugan et al. [4,5] have shown
improvements in the quality of the ternary materials produced
using molecular beam epitaxy (MBE) growth process for this
design. Their optimized SL materials produced a strong photo-
response signal, a high mobility, and a long 300 K carrier lifetime.
Although longer carrier lifetimes have been reported in mid-wave

InAs/InAsSb (noted as “Ga-free) SLs [6], unfortunately to strain
balance these Ga-free SLs in a VLWIR design requires a much
wider period, �147 Å [7] versus the 68.5 Å used in this study,
significantly impacting the absorption coefficient. Therefore, the
ternary SL materials are still important for VLWIR detection.

In this work, using a combination of high-resolution X-ray
diffraction (HRXRD), atomic force microscopy (AFM), temperature-
dependent Hall (TdH) effect, and photoconductivity measure-
ments, we continuously refined the MBE process and tuned
growth conditions to produce high-quality ternary SL materials
to be used for VLWIR detection. Since most MBE-grown III–V
heterostructures are affected by a large number of growth defects
generated during the III–V surface reconstruction process, we
optimized the III/V stoichiometry by manipulating the growth
surface condition such as anion fluxes, Sb cracking condition, and
growth temperature. We used a SL structure of 47.0 Å InAs/21.5 Å
Ga0.75In0.25Sb to create the band gap around 50 meV.

2. Ternary superlattice growths

The InAs/GaInSb SL materials in this study were grown in a
Varian MBE reactor equipped with dual-filament effusion cells for
the Group III elements, and valved cracker cells for the Group V
elements. The repeated SL stacks (0.5 μm-thick) and the undoped
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GaSb buffer layer (0.5 μm-thick) were deposited on GaSb (100)
wafers, and several series of 47.0 Å InAs/21.5 Å Ga0.75In0.25Sb SL
samples were grown over a wide range of anion flux conditions to
preset the growth rates of Group III elements and the V/III flux
ratio. To grow the intended ternary structure under minimum
cross contamination environment of the anion fluxes, the V/III
beam equivalent pressure (BEP) ratio was set at �3 for both
GaInSb and InAs layer depositions and the growth rates of 1.6 and
0.3 Å/s were used for GaInSb and InAs layers, respectively. The Sb
cracking zone temperature was varied between 850 and 1000 1C in
order to investigate the III-Sb incorporation during a growth, while
the As cracking zone temperature was set at 900 1C. Fig. 1 shows a
typical strain-balanced ternary structure with an excellent crystal-
line quality that can be achieved by using the shutter sequence
described in the inset of Fig. 1. With measured period of 68.0 Å,
the grown structure produced a band gap of 53 meV, or a

corresponding onset wavelength of 23 μm, as demonstrated in
the photoresponse (PR) spectrum in Fig. 2.

3. Results and discussions

In order to stabilize the III-Sb incorporation, a comparative
deposition temperature (Tg) study was performed using various Sb
cracking conditions to generate beams of tetramers, dimers, and
monomers. Although some studies showed that a nearly 100%
yield of Sb monomers can be achieved at a cracker temperature
above �1100 1C [8,9], no systematic study has been done to
determine Sb mole fraction as a function of cracker temperature
for our EPI Model 200 cc Mark V Corrosive Series Valved Cracker.
Since the most obvious effect one would expect from a III/V ratio
not equal to one is morphological disorder induced by the
nucleation of surface defects, we used 50 μm�50 μm area scans
by AFM to monitor surface roughness as a function of the Tg. For a
series of samples grown under a low Sb cracking condition (Sb
cracker temperature of 850 1C), the SL roughens very quickly as
the Tg is increased above 420 1C. Fig. 3 top shows the apparent
surface damage observed by AFM for the sample grown at the
highest Tg of 440 1C. The root-mean-square (RMS) value quickly
changes from 2 to 61 Å as the Tg increases from 420 to 430 1C and
further increases up to 80 Å at higher temperatures highlighting
the noticeable surface damage that occurred at 430 1C and above.
While the exact surface pitting mechanism is undetermined, it is
common to see pitted surfaces in the SL layers grown under a
metal-rich condition due to the higher desorption rate of anion
fluxes at the growth surfaces [10].

To relate the observed surface pitting phenomena to the
spectral response, low temperature photoconductivity measure-
ments were performed and Fig. 4d plots their results. The PR
spectra were collected with fourier transform infrared spectro-
meter over a wavelength range from 2 to 50 μm at a temperature
of 10 K. Due to the relatively low resistivity of the samples, the
photoconductivity was measured in the current-biased mode,
with a current of 0.5 mA between two parallel strip contacts on
the surface. The PR intensities in Fig. 4d were measured at
100 meV above the onset. Although these intensities are given in
arbitrary units (a.u.), the relative signal strengths can still be
compared as the test conditions for all the samples were kept
constant. The typical band gap energies of SLs grown at the same
low Tg were around 4875 meV. However for Tg4420 1C,
the band gap did increase, as listed in Table 1. The PR intensity
gradually decreases from 1.07 to 0.8 a. u. as Tg increases from 410
to 420 1C, when SL layers were grown under low Sb cracking
condition generating low fraction of Sb monomers. The result of
much lower PR intensity for the samples deposited at high
temperatures does follow the severe surface damage trend
observed in AFM scans.

Although there is a variety of ways of controlling surface
roughness, such as by increasing V/III flux ratio, we increased Sb
cracker temperature to generate more Sb monomers to enhance
III-Sb incorporation. For a series of samples grown under high Sb
cracking condition (Sb cracker temperature of 950 1C), the SL
layers were deposited without any noticeable surface defects at
temperature as high as 470 1C. Fig. 4a plots the RMS values as a
function of Tg from SL samples grown with the Sb cracker at
950 1C. In contrast to the AFM results observed in Fig. 3 top, there
were no significant changes in the RMS roughness for the SL
samples deposited at Tg between 410 and 450 1C, and the RMS
values remained in a range of �3 Å. Although there were no
noticeable surface damages occurring at elevated temperatures
(see Fig. 3 bottom), the PR signal strength was still affected by Tg.
Fig. 4d indicates that the PR intensity gradually increases as Tg

Fig. 1. X-ray diffraction patterns of a 68.0 Å period superlattice (SL) sample
containing a 0.5 μm thick 47.0 Å InAs/21.5 Å Ga0.75In0.25Sb SLs. Inset is the shutter
sequence employed to create a strain-balanced ternary structure.

Fig. 2. Photoresponse spectrum at 10 K for the 47.0 Å InAs/21.5 Å Ga0.75In0.25Sb
superlattices.
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increases from 410 to 440 1C, reaching a maximum at 440 1C, and
then drops rapidly to less than 0.1 a.u. at 450 1C. This is in contrast
to the first series, where the PR was very low at 440 1C. Evidently
deposition temperature and Sb cracking condition are intimately

correlated to the III-Sb stoichiometry during a growth and depend
directly to the quality of grown layers.

In addition to the spectral PR measurements, TdH measure-
ments were also performed to track changes in the electrical
properties under the various growth conditions. For the first
series, the average sheet concentration was 8.4�1011 cm�2 at
10 K and varied by only about 1�1011 cm�2. All of the VLWIR
samples were n-type. The average carrier mobility at 10 K was
7800 cm2/V s for the first three samples but dropped to 5190 cm2/
V s at the 440 1C of Tg. While this agrees with the lowest PR result,
we do not see a matching trend of degrading Hall results with
increasing Tg similar to the AFM or PR intensity trends. The TdH
measurements appear to be less sensitive to growth defects. The
photoresponse on the other hand is very sensitive to growth
defects and recombination centers. Still the Hall results do indicate
when growth improvements have been made, which either
decrease intrinsic carrier concentration or increase mobility, or
both. For instance, for the second series of samples with the 950 1C
cracker temperature, the average carrier concentration was
6.0�1011 cm�2 at 10 K, which is lower than in the first set. For
the second set, the average mobility was 10,600 cm2/V s at 10 K for
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Fig. 4. (a) The root-mean-square (RMS) of 50 μm�50 μm scans in AFM, (b) the
10 K carrier density, (c) mobility, and (d) photoresponse (PR) intensity as a function
of substrate temperature for the sample series grown under antimony cracker
temperature of 850 (open red circle) and 950 1C (closed blue star). For interpreta-
tion of the references to color in this figure legend, the reader is referred to the web
version of this article.

Table 1
Summary of the measurements results for the sample set. The photoresponse (PR)
results are from measurements at 10 K. The cut-off wavelength λc is selected at the
point, where the PR intensity drops by 50 %. The PR intensity was measured at
100 meV above the band gap. Antimony cracker temperature and growth tem-
perature were noted by TSb and Ts, respectively.

Sample TSb (1C) T (oC ) P (Å) Eg (meV) λc (μm)

SL1 850 410 68.0 53 16.4
SL2 850 420 68.0 53 16.7
SL3 850 430 68.2 62 14.7
SL4 850 440 67.0 80 13.8
SL5 950 410 67.5 44 20.1
SL6 950 430 68.0 46 19.0
SL7 950 440 67.5 53 17.0
SL8 950 450 68.6 50 16.2

410 °C 420 °C 430 °C  440 °C

1 Å 2 Å 61 Å 80 Å

410 °C 430°C  440 °C 450 °C   

3 Å 2 Å 3 Å     3 Å

Fig. 3. AFM images of 50 μm�50 μm area scans of 0.5 μm thick 47.0 Å InAs/21.5 Å Ga 0.75In0.25Sb superlattices grown at substrate temperature (Ts) of 410–450 1C (from left to
right) performed under (top) antimony cracking temperature of 850 1C and (bottom) 950 1C, respectively. The value listed on the top (the bottom) of each image represents a
Ts (an average root-mean-square roughness).
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the three samples with Tgr440 1C and the 10 K mobility dropped
to 8500 cm2/V s. In this case the Hall measurements are similar to
the AFM trend of very little change in the RMS roughness but
again do not track the changes in the PR.

4. Conclusions

In summary, there is a complex interplay between growth
temperature, and flux condition during the MBE growth of type-II
ternary superlattices. This makes determining the optimum
growth conditions non-trivial. This report focused on the optimi-
zation of anion incorporation conditions, by manipulating anion
fluxes, anion species, and growth temperature (Tg). As shown,
changes in the Sb cracker temperature (TSb) selectively impact the
Tg, where the photoresponse was optimized. At Tsb¼850 1C, the
photoresponse was the strongest at 410 1C, while at Tsb¼950 1C
the photoresponse was optimum at 440 1C. The inherent residual
carrier concentration was slightly decreased in samples grown
with the higher Sb cracker temperature and the electron mobility
was higher. However, changes in the Hall and photoresponse
measurements as a function of deposition conditions are very
different. One of the key differences between these two experi-
ments would be the impact of carrier recombination and lifetime
on the results. The AFM results were a better indicator of the PR
results. The average surface roughness of SL samples that produce
a strong photoresponse was around 3 Å.
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a b s t r a c t

In order to improve the stability and repeatability of the growth of InAs–InAsSb (Ga-free) superlattices
(SLs), we have investigated the use of an InAs–InSb digital alloy in place of the InAsSb ternary material.
We report on a PIN structure made from Ga-free SL material grown using the digital alloy method, and
compare the results to a reference PIN device composed of the InAs–InAsSb SL. The results for both
devices show λcutoff,0%¼5 μm at T ¼ 80 K, which is in agreement with the 14 ML InAs–12 ML
InAs0.81Sb0.19 SL design used. At T ¼ 80 K and a bias voltage of Vb ¼ �0:01 V (Vb ¼ �0:25 V), the average
dark currents (from 5 measured devices for each sample) for the ternary and digital alloy based devices
are 0.1315 (4.249) A/cm2 and 0.1068 (3.522) A/cm2, respectively. The quantum efficiencies under the
same conditions are 24.1% (24.0%) for the ternary and 39.7% (39.9%) for the digital alloy. This
improvement in quantum efficiency is attributed to superior crystalline quality in the digital alloy
sample. These initial results show that the digital alloy sample is comparable to or better than the
reference sample in each tested metric, and thus is worthy of further investigation.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Strained-layer superlattices (SLs) have become an increasingly
active topic of research since their conception in the 1970s. The
InAs–GaSb SL material system has demonstrated a long Auger
lifetime, which makes it a promising candidate for improving on
current HgCdTe (MCT) devices [1,2]. However, devices made from
this material system have not shown the expected improvement due
to a comparatively high level of Generation–Recombination (G–R)
dark current. This G–R current arises from a low Shockley–Read–
Hall (SRH) carrier lifetime [3–5], which is currently attributed to
native defects in the GaSb layer [6]. The InAs–InAsSb (Ga-free) SL
was developed to avoid the low lifetimes associated with the GaSb
layer, and has shown significant improvement in SRH carrier life-
times [7–10]. This is expected to result in improved performance in
infrared detectors made from this material.

One downside to the Ga-free SL material arises from the ternary
material (InAsSb) present in the system. Since III–V materials are
generally grown under group V rich conditions, balancing the
incorporation of two group V materials requires great care. This
can become a problem if the system is not perfectly stable, since any

drift in either source beam equivalent pressure (BEP) values or in
growth temperature can radically change the InAsSb material
composition. This, in turn, causes unwanted changes to the Ga-free
SL material properties.

Digital alloy materials were developed as a tool to alleviate the
strong compositional dependence of mixed group V materials (such
as InAsSb) on growth temperature and source BEP. The reduction in
dependence on both of these parameters has been demonstrated in
the literature [11]. For the Ga-free SL, this would mean a marked
improvement in growth stability and repeatability, which is highly
desirable for both research and production purposes. Improved
crystalline quality in the Ga-Free SL obtained through the use of
digital alloys has been demonstrated previously [12–15]. This paper
provides some preliminary findings on the use of a digital alloy in
place of the InAsSb ternary in a Ga-free SL infrared detector device,
and compares the electrical characteristics of this device to a
reference ternary-containing Ga-free SL device. This digital alloy,
composed of 1.7 ML InAs–0.3 ML InSb, was grown by keeping the In
shutter open and alternating the As and Sb shutters to provide the
desired layer thicknesses.

2. Ga-free SL material growth considerations

In order to demonstrate the difficulties with As/Sb ternary
materials, a series of Ga-free SL test samples with a 14 ML InAs–
12 ML InAs0.81Sb0.19 design were grown using varying Sb BEPs and
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growth temperatures. This design was used in previous studies
[16,17], and thus provided a good candidate for this study. Once
grown, high-resolution X-ray diffraction (XRD) was performed with a
Phillips X-ray diffractometer using the Cu–Kα1 line. The peak
separation between the substrate peak and the superlattice 0th
order peak is measured in arcseconds in order to provide an
indication of the degree of lattice mismatch present in the samples.
This difference can also be expressed as Δa=a by calculating each
lattice constant using the measured XRD peaks. This is done using
Bragg's law:

d¼ nλ
2 sin ðθÞ ð1Þ

where θ values are in degrees and d is the material lattice constant
(a) divided by 2 (calculated for the superlattice by using the 0th order
peak). The lattice mismatch can then be calculated using

Δa=a¼ d0th�dsubstrate
dsubstrate

ð2Þ

This equation can then be re-written [18] as

Δa=a¼ sin ðθsubstrateÞ
sin ðθsubstrateþΔθÞ�1 ð3Þ

where θsubstrate is the angle in degrees of the substrate peak measured
by XRD andΔθ is the angular difference between the substrate peak
and the epitaxial peak (the 0th order SL peak in this case) in degrees.
This does not take relaxation into account, and thus does not directly
calculate the level of strain in the system. However, it is a good
metric for determining whether the epilayer has achieved a good
lattice match with the substrate. Epitaxial layers are generally
considered lattice matched when the peak separation is below 100
arcseconds, or jΔa=aj≲0:0825% for GaSb substrates. The results for
the Ga-free SL tests are shown in Fig. 1.

The degree of angular peak separation in the samples that
appears even with slight variations in temperature or Sb BEP
demonstrates the difficulty with growing the Ga-free SL with a
high degree of repeatability. The dependence on these variations
can also cause issues during long growth periods, since the source
BEPs may drift slightly, thereby inducing undesired strain in the
growth. In order to alleviate these issues, a digital alloy growth
was employed as a replacement for the InAsSb ternary material.
This replacement hinges on the digital alloy behaving similar to
the ternary material, which means the electrical performance of
the device grown using a digital alloy must be comparable to that
of devices that use the ternary material traditionally present in Ga-
free SL growth. This paper provides data on an initial attempt at
growing a PIN device using the digital alloy method.

3. Device growth and fabrication

Two Ga-free SL PIN homojunction devices were grown for this
study, one reference ternary sample and one using a digital alloy in
place of the InAsSb material. The PIN architecture was chosen to
allow for device comparisons between these samples and previous
results obtained for Ga-free SL devices. The sample growth was
accomplished using a VG V80H reactor equipped with valved As and
Sb crackers. In both cases, oxide desorption was performed by
heating a GaSb:Te substrate to 540 1C for 30 min. After the deso-
rption was completed, a 250 nm thick buffer layer of GaSb doped
with Te at 2� 1018 cm�3 was grown at 500 1C to smooth the
surface prior to device growth. Each sample was composed of a
2 μm thick absorber doped at 3� 1016 cm�3 p-type, and P and N
contact layers each doped at 2� 1018 cm�3. Both samples were
grown at 420 1C. For the reference sample, a material composition of
14 ML InAs–12 ML InAs0.81Sb0.19 was used. For the digital alloy
sample, the composition was 14 ML InAs–12 ML DA, where the
digital alloy (DA) was composed of 1.7 ML InAs–0.3 ML InSb. The
shuttering sequence used to grow this digital alloy is shown in Fig. 2.

This alloy composition was chosen to mimic the composition of
the InAsSb in the reference sample and to maintain the 12 ML
layer thickness. Though this composition of digital alloy would
normally be expected to result in xSb ¼ 15%, which should result in
an overall tensile strain on the epilayer, the resulting angular peak
separation as measured by XRD demonstrated a good lattice
match, which indicates that the composition of the ternary is
correct ðxSb ¼ 19%Þ. The difference in composition is attributed to
an undesirable incorporation of Sb into the InAs layers, thereby
forming an intermediary InAsSb compound at the InSb/InAs
boundary. To compensate for this, the thickness of the InSb layer
was reduced from the initial 0.38 ML to 0.3 ML. The angular peak
separation demonstrated by both the digital alloy and ternary
devices was measured using XRD, and showed good lattice match
(o100 arcsec separation between the substrate peak and the 0th
order SL peak). The full-width at half-maximum (FWHM) for the
0th order epilayer peak was better for the digital alloy sample than
for the ternary sample (28.8 arcsec vs. 34.2 arcsec). This indicates
that the digital alloy has superior crystalline quality. The XRD
curves can be seen in Fig. 3. These curves demonstrate that the
superlattice structure formed with a digital alloy layer is compar-
able to one formed with a ternary layer.

The grown devices were processed into single-pixel mesas with
varying aperture sizes using a standard photolithography process
and an ICP dry etch. These samples were passivated using SiNx, and
Ti/Pt/Au metallization was used for both top and bottom contacts.

Fig. 1. Angular peak separation induced in Ga-free SL samples by varying growth
temperatures and Sb BEPs, as measured by XRD. The As:In BEP ratio and In growth
rates were kept consistent for these growths. The variation in this peak separation
indicates an undesired variation in InAsSb composition.

Fig. 2. Shuttering sequence used to grow the InAs/InSb digital alloy used to replace
the InAsSb ternary material. The As shutter was closed just as the Sb shutter opened
(and vice-versa), while the In shutter remained open throughout the growth.
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4. Electrical characteristics

In order to determine whether the InAs–InSb digital alloy can
make a suitable replacement for the InAsSb ternary material, the
processed devices were characterized for spectral response, dark
current, and quantum efficiency (QE).

The dark current characteristics from these devices are reported
in Fig. 4. These results demonstrate that both the average
(of 5 measured devices for each sample) and best-device results
from the digital alloy sample are slightly better than those of the
reference sample. The average dark current levels for the ternary
reference sample and the digital alloy sample at a voltage bias of
Vb ¼ �0:01 V (Vb ¼ �0:25 V) and T ¼ 80 K are 0.1315 (4.249)
A/cm2 and 0.1068 (3.522) A/cm2, respectively. The best-device dark
currents under the same conditions are 0.1227 (2.859) A/cm2 and
0.0853 (2.115) A/cm2, respectively. This is summarized in the table
in Fig. 5. The high levels of dark current are attributed to both the
lack of barriers in the PIN structure and the non-optimized As:In
BEP ratios used for these preliminary devices. The BEP ratio is
suspected to be non-optimal due to these devices being grown in a
different MBE chamber from the previously reported devices. This
has been reported for InAs–GaSb superlattices to cause detrimental
effects to the resulting device performances due to increased
interface roughness and, in the case of excess group V material,
the incorporation of impurities into the device [19]. The same effect
is expected to occur in the Ga-free SL.

Normalized spectral response characteristics were measured for
each device at Vb ¼ 0 V and T ¼ 80 K, and are shown in Fig. 6. The
measurements were not changed when a slight bias ðVb ¼ �0:01 VÞ
was applied. The two samples show very similar response char-
acteristics. More notably, the cutoff wavelength λcutoff,0%¼5 μm at
80 K for both devices. This cutoff wavelength is expected from the
14 ML InAs–12 ML InAs0.81Sb0.19 SL design, and has been demon-
strated previously [17]. This gives further indication that the digital
alloy sample has electrical characteristics that are comparable to the
reference sample. The digital alloy sample showed operation up to a
slightly higher temperature (220 K vs. 200 K for the ternary),
indicating that the material quality in the digital alloy sample is
slightly better.

The QE of the devices was measured by taking photocurrent
measurements with a calibrated Mikron blackbody source at 627 1C.
At Vb ¼ �0:01 V (Vb ¼ �0:25 V) and T ¼ 80 K, the QE of the ternary
and digital alloy samples are 24.1% (24.0%) and 39.7% (39.9%),
respectively. The increase in quantum efficiency present in the
digital alloy is attributed to the superior crystalline quality shown

in the XRD results. The reduced FWHM of the 0th order digital alloy
peak indicates improved superlattice layer interfaces. The improve-
ment of these interfaces is believed to improve device performance
[12,20]. The results from this measurement are plotted against bias
voltage, and can be seen in Fig. 7. These results are comparable to
previously reported device results [17].

In all cases, the digital alloy sample is comparable to or better than
the ternary reference sample. This provides preliminary evidence that

Fig. 3. XRD rocking curves taken from each grown sample. These curves show good lattice match in both cases. For the digital alloy, the full-width at half-maximum of the
0th order SL peak (28.8 arcsec) is thinner than that of the ternary (34.2 arcsec). This indicates superior crystalline quality in the digital alloy sample. (a) Ternary reference
sample. (b) Digital alloy sample.

Fig. 4. Dark current density characteristics of Ga-free reference (ternary) and digital
alloy-based samples. The average dark current densities at a bias of Vb ¼ �0:01 V
(Vb ¼ �0:25 V) and T ¼ 80 K are 0.1315 (4.249) A/cm2 for the ternary reference
sample and 0.1068 (3.522) A/cm2 for the digital alloy sample. The blue lines indicate
Vb ¼ �0:01 V and Vb ¼ �0:25 V. (For interpretation of the references to color in this
figure caption, the reader is referred to the web version of this paper.)

Fig. 5. Table comparing the results of the reference (ternary) sample with the
digital alloy sample. These results show that the digital alloy is comparable to or
better than the ternary reference results for each measured parameter.
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the use of a digital alloy does not negatively affect the electrical
performance of a Ga-free SL device and may prove to be a successful
replacement for the InAsSb ternary material, thereby improving the
growth stability of the Ga-free SL material.

5. Summary

In summary, two MWIR detectors were grown using a 14 ML
InAs–12 ML InAs0.81Sb0.19 design. One device was used as a reference,
while the other was grown using a 1.7 ML InAs–0.3 ML InSb digital
alloy in place of the InAsSb ternary. Electrical and optical character-
izations of these devices demonstrate that the digital alloy device
performs comparable to or better than the reference sample in each
metric. This provides preliminary evidence that a digital alloy is
suitable for use in Ga-free SL-based devices, thereby eliminating the

InAsSb ternary and easing the degree of dependence on growth
temperature and source BEP stability observed in the Ga-free SL
material system.
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a b s t r a c t

AlxIn1�xAsySb1�y quaternary alloys lattice-matched to InAs were successfully grown by molecular beam
epitaxy (MBE) for use as buffer layers for substrate isolation in InAs channel devices. The use of In-
containing quaternary buffer layers with 5% In was found to dramatically improve the heterointerface
between the buffer and a surface InAs channel layer. The composition of these alloys and the extent of
lattice matching were accurately determined by double crystal X-ray measurements. A simple model
was used to estimate the variation of critical thickness with lattice mismatch for AlInAsSb epitaxially
grown on an InAs substrate. Layers with high Al content and low As mole fraction were grown by
modulated MBE technique which was found to significantly improve the surface morphology and the
composition control of the alloys. In contrast, quaternary alloys with low Al content were grown by
conventional MBE and had an rms roughness of less than 0.2 nm.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Due to their high mobilities and electron velocities, III–V semi-
conductors are ideal contenders for use as channel materials in future
MOSFET transistors. In particular, InAs which has a bulk band gap of
0.35 eV, a room temperature electron mobility of 30,000 cm2/V s and
an electron velocity of 4�107 cm/s, is being considered [1]. In this
material system, it is possible to unpin the Fermi level through the
formation of a gate dielectric using atomic layer deposition [2]. InAs is
also technologically important for use in infrared detectors and is one
of the main components in the type II superlattice structures [3,4]. For
electronic devices, determining the transport properties of thin InAs
channels without a suitable insulating buffer layer on native substrates
is problematic because of the narrow band gap of InAs. Possible insu-
lating buffers are quaternary AlxIn1�xAsySb1�y alloys since they can be
lattice matched to InAs and have a high enough band gap (when a
high Al content is used).

The introduction of quaternary layers to the device design also
gives more flexibility to tune the band gap and band offsets of
lattice matched heterostructures on InAs. Compared to conventional

AlGaAsSb, AlInAsSb provides higher valence band offset in InAs-based
type-I quantum wells [5]. However, this enhanced flexibility comes at
the expense of a more complex growth schemewhen using molecular
beam epitaxy. In a mixed group V quaternary system like AlInAsSb, it
is extremely difficult to control the composition because of the high
group V vapor pressure and the strong dependence of the incorpora-
tion rate on growth temperature. To avoid strain relaxation of thick
buffer layers, these layers must be lattice-matched to the specific
substrates by accurate controlling of the alloy composition. To accu-
rately fix the composition, a number of calibration runs are typically
required. Also, there are wide regions of possible quaternary composi-
tions that are unstable [6]. In thermal equilibrium, the quaternary
components tend to segregate into inhomogeneous mixtures of bin-
aries and ternaries. However, the non-equilibrium growth process
afforded by the MBE process can extend the miscibility boundaries
considerably. Even with MBE, inaccessible composition gaps remain
for some of the III–V quaternary systems.

In this study, AlxIn1�xAsySb1�y alloys lattice matched to InAs
have been grown by conventional molecular beam epitaxy (MBE)
and modulated molecular beam epitaxy (MMBE) techniques on
InAs(1 0 0) substrates with the Al content ranging from x¼0.19 to
x¼1. In the MMBE scheme, the As and Sb shutters are alternately
opened and closed resulting in the variation of the As incident flux
within the layer and As content in the film.
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2. Experimental

Samples were grown in a DCA 3-in. capable molecular beam
epitaxy (MBE) reactor using elemental sources for group III (Ga, Al,
and In). Two crackers were used to supply the group V species (As
and Sb). The dopant sources were Te, Si, and Be. The cracker
temperature was set to 950 1C for As2 and to 900 1C for Sb2. In-situ
reflection high energy electron diffraction (RHEED) was used to
monitor the surface quality in real time and obtain the growth rate
calibration for binary compounds. Fluxes were measured using
beam flux monitor consisting of a moveable ion gauge. Substrate
temperature was determined by emissivity corrected pyrometry
using the LayTec EpiRAS system and crossreferences using the
different well-known GaAs, InAs, and GaSb surface reconstruction
transitions monitored by RHEED.

Epi-ready Zn-doped InAs(1 0 0) substrates with nominal donor
density of 2�1017 cm�3 were used in this study. The InAs oxide
removal process occurs at a substrate temperature of 520 1C. This
process is accompanied by a surface reconstruction transition
monitored by RHEED from a 3� to 2� reconstruction along the
[1 1 0] azimuth under an overpressure of arsenic [7] at a flux of
8�10�6 mbar. A thermal anneal for 30 min was carried out at a
temperature 15 1C higher to complete the native oxide desorption.
Following the oxide desorption, an InAs epitaxial buffer layer was
grown. The optimal growth conditions for InAs homoepitaxy have
been reported elsewhere [8] which include an initial low growth
rate of 0.15 ML/s. at a substrate temperature of 500 1C followed by
a bulk growth rate of 0.5 ML/s with an arsenic flux pressure of
3.5�10�6 mbar. The growth of the quaternary layers were carried
out at a temperature around 490 1C.

Double crystal X-ray measurements were carried out to obtain
alloy compositions and to monitor material defectivity. Dark field
optical microscopy was used to estimate surface defects. Atomic force
microscopy (AFM) was used to determine the surface morphology
and transmission electron micrograph (TEM) was used to character-
ize the defectivity and interface of the grown structures.

3. Results and discussion

3.1. Critical thickness of AlInAsSb on InAs

Lattice mismatch is defined as

Δa
a

¼ af �a0
af

¼ � f ð1Þ

where af is the lattice constant of the unstrained epilayer and a0 is
that of the substrate. The lattice constant in the direction perpen-

dicular to the interface is

a? ¼ 1�σST fð Þaf ð2Þ

where σST ¼ c11=2c12 and c11 and c12 are elastic constants of the
epilayer. The in-plane coordinate directions are x and y, and growth
occurs along the z-direction. These equations are only valid when the
z-direction coincides with the (0 0 1) crystallographic axis.

The critical thickness depends on a number of factors: (i) the
amount of the lattice mismatch (ii) the materials parameters and
(iii) the properties of the dislocations that form in the particular
material. In the case of misfit dislocations forming at the interface
when the critical thickness is exceeded, it has been shown that [9]

hc ¼
a0 1�vPR=4
� �

ln
ffiffiffi
2

p
hc=a0

� �
þ1

h i

2
ffiffiffi
2

p
π f
�� �� 1þvPRð Þ

ð3Þ

where υPR ¼ c12= c11þc12ð Þ� �
is the Poisson ratio. The variation of

critical thickness as a function of lattice mismatch for AlInAsSb on
InAs substrate is plotted in Fig. 1. The materials parameters listed
in Table 1 were used for the calculation. The ternary and
quaternaries values were obtained by linear interpolation of the
binary constants. According to this model, the maximum strained
layer thickness for a lattice mismatch of 3�10�3 is 100 nm and
300 nm for a lattice mismatch of 1.3�10�3.

The inter-planar spacing d in the Bragg’s condition,

2d sin θ¼ nλ ð4Þ

coincides with the perpendicular lattice constant. Using Eqs. (1) and
(2) gives:

d¼ a? ¼ 1�σST fð Þ
1þ f

a0 ð5Þ

Fig. 1. Calculated variation of critical thickness with lattice mismatch for epitaxy of
AlInAsSb on an InAs substrate. The inset shows the corresponding separation
between the substrate and strained epilayer (0 0 4) Bragg angles.

Table 1
Elastic constants of single crystal semiconductor compounds at 300 K [10,11].

Compound c11 dyn=cm2
� 	

c12 dyn=cm2
� 	

σST υPR

AlAs 12.02�1011 5.70�1011 1.054 0.322
AlSb 8.939�1011 4.427�1011 1.009 0.331
InAs 8.34�1011 4.54�1011 0.918 0.352
InSb 6.67�1011 3.65�1011 0.914 0.354
AlAs0.16Sb0.84 9.432�1011 4.631�1011 1.016 0.329
Al0.95In0.05As0.20Sb0.80 9.428�1011 4.639�1011 1.013 0.328
Al0.19In0.81As0.82Sb0.18 8.690�1011 4.587�1011 0.942 0.345

Fig. 2. The time sequence of the As and Sb shutters during the MMBE growth of
AlxIn1�xAsySb1�y lattice-matched to InAs. The Al and In shutters remained open
throughout the deposition while the As and Sb shutters opened and closed
sequentially for deposition of AlInAs and AlInSb for 0.4 s and 9.0 s, respectively.
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The difference, Δθ, between the substrate and epilayer (0 0 4)
Bragg angles is proportional to the lattice mismatch as shown in
the inset of Fig. 1.

3.2. Digital growth of AlxIn1�xAsySb1�y alloys

The lattice-match condition of AlxIn1�xAsySb1�y on InAs with
high Al content x40:9ð Þ requires a low As to Sb composition ratio
o0:3ð Þ. Because As2 has a high incorporation rate relative to that
of Sb2 at the growth temperature used, it is more difficult to
control the composition of mixed group V alloys with low As
fractions. At 500 1C, the As flux has to be limited to one order of
magnitude lower than the Sb flux. In order to overcome this issue,
MMBE growth of AlInAsSb was used. MMBE allows comparable
group V fluxes to be used for As and Sb while the incorporation of
the group V is controlled by shuttering the As or Sb sources. The

growth rate for the quaternary alloy was 0.5 ML/s with the Sb-flux
kept at 3.1�10�6 and the As-flux varied from 1.9�10�6 to
2.3�10�6 mbar.

The modulated growth scheme employed for the quaternaries
layer is shown schematically in Fig. 2. The Al and In shutters
remain open while the As and Sb shutters alternately open and
closed so that a superlattice structure consisting of AlInAs and
AlInSb is grown. The thickness of the layers is controlled so that
each individual layer is less than the critical thickness. Each pair of
ternary layers is strain compensated. This allows for very thick,
defect free, quaternary layers to be grown lattice matched to InAs.

The MBE growth development for insulating buffers on InAs
started with the lattice matching of AlAsSb, the alloy with the
largest bandgap, to the InAs substrate. The shutter times and the
Sb flux were kept constant while the effect of changing the As flux
was investigated. Fig. 3(a) shows the X-ray rocking curves for a

Fig. 3. XRD rocking curves and dark field OM images of ternary and quaternary layers grown on InAs substrate along with a simulation to obtain the alloys compositions.
(a) Relaxed and pseudomorphic AlAsSb epilayers. The dark field optical micrographs shows the surface quality of the 3 surfaces. The dashed line represents maximum
mismatch for a 300 nm layer. (b) 500 nm-thick AlAsSb lattice matched layer. Inset shows a 60�60 μm2 AFM micrograph of the sample with an rms roughness of 0.21 nm.
(c) 500 nm-thick Al0.95In0.05As0.20Sb0.80 layer lattice matched to InAs with an rms AFM roughness of 0.24 nm.
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series of growths of AlAsSb buffer layer on InAs substrate with the
composition determined using simulations. The satellite peak in
the X-ray diffractograms corresponds to the ternary alloy. A clear
shift towards the substrate peak is seen as the As flux is decreased.
The layer with 24.2% of arsenic has relaxed as revealed in the
corresponding dark field optical micrograph which shows a cross-
hatched surface. The vertical dashed line in Fig. 3(a) indicates the
maximum mismatch for a layer with a nominal thickness of
300 nm according to the calculation in previous section. The
sample with an arsenic composition of 19.4% did not relax but
was strained as evidenced from the narrow linewidth and the
smooth optical micrograph. An AFM analysis of the surface also
showed no indication of partial relaxation. This would suggest that
the model in Eq. (3) slightly underestimates the critical thickness
as it predicts the 19.4% arsenic layer should relax. The sample with
17.3% of arsenic has the lowest tensile strain, a much better surface
morphology with a low rms roughness of 0.197 nm. Using the
MMBE method, 500 nm thick AlAs0.163Sb0.837 and Al0.95In0.05

As0.20Sb0.80 layers lattice matched to InAs were successfully grown
(Fig. 3b and c). HRXRD fringes seen for these layers indicate high
quality material and abrupt interfaces. The rms roughness for
these layers was o0.25 nm over a 60 μm�60 μm scan region.

The motivation for investigating the growth of In-containing
quaternary layer was the surface and interface roughness seen when
InAs surface channel layer was grown on AlAsSb buffer layers. The
large band gap AlAsSb layer serves to isolate the conducting InAs
substrates in the fabrication of high mobility electronic devices. The
TEM image in Fig. 4(a) shows the structure consisting of InAs
substrate, a ternary AlAsSb buffer followed by a thin InAs surface
channel. While the micrograph shows a sample with no detectable

defects and layer thicknesses as predicted from RHEED growth rates
a close examination InAs/AlAsSb interface in the right micrograph
showed an undulation of the top AlAsSb surface. This undulation
results in a non-uniform thickness of the top InAs layer presenting a
major problem for a surface channel device. However, the top surface
of the InAs layer is smooth suggesting that the addition of In into the
AlAsSb layer may help to improve the device structures by reducing
the long range roughness at the interface. To maintain a large enough
band gap to isolate the InAs channel, the indium content has to be
kept low.

Fig. 4(b) shows the effect of the addition of a small amount of
indium to the buffer layer. In this case, the In composition of 5% is
shown to virtually eliminate the AlAsSb undulation. The interfaces
are smoother and the surface InAs channel thickness is uniform.
This quaternary layer is grown using the modulated MBE method
with a modification of the group V composition in order to satisfy
the lattice match condition.

3.3. Non-modulated growth of AlxIn1�xAsySb1�y alloys

For high In composition quaternary alloys the use of digital
growth (as shown in Fig. 1) is not possible. This is because, at high In
content, the thickness of the AlInSb can exceed the critical thick-
ness. For this reason, the growth of high In composition quaternary
layers was carried out using conventional MBE. Fig. 5 shows the
XRD rocking curves for a series of 100 nm thick quaternary layers
with In composition of 81% on InAs substrate that were grown
using conventional MBE deposition. RHEED oscillations were used
to set the group III composition assuming a unity sticking coeffi-
cient at the growth temperature of 490 1C. The As and Sb fluxes

Fig. 4. (a) Cross-sectional TEM images of ternary AlAsSb layer lattice matched to InAs with a top InAs channel layer. On the right micrograph, a close inspection shows the
undulating ternary interface with the top InAs layer resulting in the top InAs layer having non-uniform thickness. (b) Cross-sectional TEM images of quaternary AlInAsSb
layer with 5% In content lattice matched to InAs with a top InAs channel layer. As shown in the right micrograph the addition on In in the buffer layer resulted in smoother
interfaces and uniform InAs surface channel layer.
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were adjusted to obtain lattice matching. The Sb flux was kept
constant with a BEP (beam equivalent pressure) measured value of
5.6�10�6 mbar and the As flux was varied. The quaternary layers
shown in Fig. 5(a–c) were determined to be in compression. Fringe
oscillations in the rocking curve data and the excellent fit with
simulation suggest the layers have low defectivity and smooth inte-
rfaces. By adjusting the As flux, exact lattice matching the substrate
was achieved (Fig. 5d).

4. Conclusions

AlxIn1�xAsySb1�y quaternary alloys were grown successfully
lattice matched to an InAs substrate by MBE. Double crystal X-ray
measurements were used to determine the alloy composition and

the degree of mismatch of the strained layers. A simple model
(which assumes misfit dislocations formation at the interface
when the critical thickness is exceeded) was used to predict the
variation of critical thickness with lattice mismatch for AlInAsSb
on an InAs substrate. Comparison of the model with as-grown layers
suggests the model slightly underestimates the critical thickness.

AlAsySb1�y ternary alloy which represent a lattice matched
buffer with the largest band offsets for an InAs surface channel
results in long range roughness at the interface with the top layer.
The use of quaternary buffer layers with 5% of In drastically improved
this heterointerface by eliminating the long range roughness. For low
In% quaternary buffers, a digital growth scheme was used in which
the As and Sb shutters were alternately switched. For high In content,
conventional MBE was used in which the As flux controlled the
group V composition. The successful growth of the AlInAsSb buffers

Fig. 5. XRD rocking curves of 100 nm-thick quaternary layers with 81% In grown on an InAs substrate. XRD simulations are also shown (in red) to obtain the alloys
compositions. As the As flux was increased, the lattice matched condition was approached (a–c). Perfect lattice matching of the buffer layer is seen in (d). (For interpretation
of the references to color in this figure legend, the reader is referred to the web version of this article.)

J.S. Rojas-Ramirez et al. / Journal of Crystal Growth 425 (2015) 33–38 37



lattice matched to InAs can provide greater freedom than ternary
buffers in the design of high speed optoelectronic devices which use
narrow band gap materials.
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a b s t r a c t

Partly released InGaAs layers forming a wrinkled network are used as templates for InAs growth. A
systematic growth study was carried out, where InAs amounts from 0 ML to 3 ML were deposited on the
patterned samples. The material migration during growth is evaluated by distinct microscopy
techniques. We find a systematic accumulation of the deposited material on the released, wrinkled
areas of the sample, whereas no material accumulation or formation of three-dimensional nanostruc-
tures is observed on the unreleased areas of the sample.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The thickness for the defect free growth of InGaAs/GaAs
heterostructures is limited due to the mismatch strain between
the two materials [1]. Such mismatch strain is at the origin of the
formation of dislocations or the formation of three-dimensional
nanostructures, depending on the growth rate, temperature and
total coverage [2]. In the late 90s, a new class of compliant
substrates was proposed and realized [3–7]. They can extend the
threshold of maximum allowed thickness (critical thickness)
before the formation of dislocations or other growth defects.
Recently, such compliant substrates have been realized [8–11]
using freestanding semiconductor structures formed by the
release and rearrangement of thin solid films [12–16].

We use in this work partly release In0.33Ga0.67As membranes
forming a wrinkled network [17,18] as virtual substrate for the
growth of InAs nanostructures. Molecular beam epitaxy (MBE) was
used to deposited different amounts of material. The evolution of
the material at the top of the membranes was studied with atomic
force microscopy (AFM) and scanning electron microscopy (SEM).
We find that in our systematical growth study that only InAs
nanostructures form on the released parts of the sample. Further-
more, we observe a migration and accumulation to the deposited
material at the released, wrinkled areas of the sample. The SEM
images show that the InAs deposits form large structures pre-
ferably on the top of the freestanding parts of the released

membrane. This is ascribed to the smaller lattice misfit between
the virtual substrate and the deposited material as well as to the
compliance of the freestanding, wrinkled membranes.

2. Experimental details

Fig. 1a and b shows a schematic illustration of the main steps to
produce the wrinkles membranes. A commercial heterostructure
(EpiNova) composed of an AlAs (20 nm) sacrificial layer and
In0.33Ga0.67As (5 nm) grown on a GaAs (001) substrate was used
to prepare the samples. In the first step, we patterned circular
mesas (150 μm) using photolithography. After defining the pat-
tern, the sample is cleaned as described in Ref. [19]. To obtain
partly release membranes and consequently the wrinkle struc-
tures, we selectively remove the AlAs sacrificial layer with a HF:
H2O (1:30) solution (Fig. 1b). The light microscopy image in Fig. 1c
shows the defined circular mesas with 150 μm after the process.
For better illustration, we show a detailed representation of the
etched sample in Fig. 1d, visualizing the 10 μm deep wrinkled area
as well as a mark of the size of a typical AFM scan (red rectangle).

All samples were grown using the MBE facility of the LNNano
(CNPEM, Brazil). The samples were heated to 350 1C for 2 h before
growth and hydrogen cleaning. After this step, cleaning with
atomic hydrogen was carried out to remove the native top oxide
and carbon contaminants without damaging the thin membrane.
After hydrogen cleaning, we observed a streak reflective high
energy electron diffraction (RHEED) pattern, proofing the removal
of the native surface oxide. The sample was then transferred to the
main chamber, where the InAs was deposited with a growth rate
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(given in monolayers (ML) per second) of 0.022 ML/s at a substrate
temperature of ca. 490 1C. After material deposition, a post-growth
annealing of 5 min was carried out. In-situ RHEED monitoring was
used during the whole growth process. Dot formation could be
confirmed by the change of the RHEED pattern from streaky to
spotty.

The topography of the samples was studied with atomic force
microscopy (AFM) using two different systems (NX10 Park System
and Digital Instruments Nanoscope IIIa). An Inspect F50 (FEI
instruments) scanning electron microscopy (SEM) operating in
10 keV was used for a complementary study of the topography and
material accumulation at the top of the membranes. Grazing-
incidence X-ray diffraction (GI-XRD) maps were measured at the
beamline XRD2 of the LNLS (Campinas, Brazil) using a beam
energy of 9.5 keV. The sample is illuminated with a 0.21 incident
angle and the diffraction signal detected using a Pilatus 100 K area
detector covering an exit angle ranging from 0 to 2.51. Reciprocal
space maps as well as cuts through the reciprocal space were
obtained near the in-plane (220) GaAs reflection.

3. Results and discussion

In Fig. 2a–d, we show a systematic growth study for a InAs
deposition of 0 ML, 1 ML, 2 ML and 3 ML. Fig. 2a depicts an AFM
image of the surface of the 0 ML sample. This sample was
submitted to the normal growth process but without opening
the In shutter. We can identify the wrinkles formed after the
release process, the frontier between the released and unreleased
parts of the sample as well as the flat unreleased areas. No
material accumulation or migration is observed in the released
or unreleased part. The unreleased part stays attached in the
substrate and exhibits a flat surface. The released and back-bond
areas exhibit the typical wrinkled network previously observed for
such type of samples [17,18]. This proofs that the wrinkle network
stays intact during the growth process and no Indium segregation
and migration from the released or unreleased InGaAs film occurs.

In our study, we monitored the InAs nanostructure formation on
different positions of the sample. Already on the surface of the sample
with 1 ML deposited, some InAs accumulation can be observed

(Fig. 2b, marked by black circles for clarity). No Indium dots or other
type of deposit is observed on the unreleased area; even so we could
already expect some dot formation as the critical thickness for the
unreleased parts of the sample should be below the 1.8 ML for a bare
GaAs (001) surface. For 2 ML InAs deposition a large amount of InAs
accumulation can be observed in form of chain-like structures on the
wrinkled structures of the released parts (Fig. 2c). Furthermore, InAs
accumulates on the frontier between the etched and unetched parts of
the sample. No major formation of InAs structures is observed on the
flat, back-bond parts of the released membrane. Finally, for the sample
with 3 ML InAs deposited (Fig. 2(d)), InAs dot formation is observed on
the flat parts of the released areas. Further, all wrinkles are completely
covered with InAs. InAs also accumulates on the frontier between the
released and unreleased parts. For none of the samples, InAs nanos-
tructures form on the unreleased areas indicating that the material
migrates from the released to the unreleased parts. Further studies
(see Ref. [19]), show a migration length up to 60 μm in similar
samples.

To better estimate the size and position of the InAs nanos-
tructures formed on top of the wrinkled areas of the sample, SEM
was carried out on the sample with 2 ML deposited.

Fig. 3a shows an SEM image of the edge between the released
and unreleased parts of the sample. In the image, the wrinkles
formed after the release of the membrane can be identified.
Furthermore, the frontier between the released and unreleased
parts is visible. On top of the membranes, InAs nanostructures can
be recognized by their contrast compared to the dark background
of the wrinkled-up, three-dimensional membrane. The SEM image
shows that InAs only accumulates in big quantities on top of the
freestanding parts of the membrane, which can act as complied
substrates. No major InAs structure with comparable height and
width is observed neither on the released, back-bond areas nor on
the unreleased parts of the sample. Fig. 3b depicts a magnification
SEM image of a single wrinkle structure seen in Fig. 3a. Again, the
InAs accumulation on top of the wrinkle is clearly identifiable.
Besides the large structure, which exhibits some crystal facets,
only a very small InAs structure on the etching frontier (left side of
the image) can be seen. This clearly supports our hypothesis that
the top of the wrinkle is the preferred place of the material
accumulation at these unique growth templates. We ascribe the

Fig. 1. Sketch of the sample fabrication procedure: (a) processed sample before membrane release and (b) after partial underetching with wrinkle formation at the mesa
border regions. (c) Light microscopy image of the mesas after partial layer release. (d) Schematic illustration of the wrinkled region after the partial releasing of the InGaAs
layer. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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InAs accumulation to a non-homogeneous chemical potential due
to changes on the misfit strain between unreleased, released back-
bond and released wrinkled parts of the sample [19].

To understand, if the InAs accumulation leads to a partial
relaxation (either elastic or inelastic), GI-XRD was carried out on
the 2 ML sample.

Fig. 4a depicts a radial-angular reciprocal space map obtained
around the (220) GaAs reflection. Besides the intense peak asc-
ribed to the GaAs position (qr¼3.14 Å�1), a shoulder towards the
expected position of the InAs lattice parameter (qr¼2.94 Å�1) is
observed. This is attributed to material deposited on the InGaAs

membrane, in which a lattice parameter gradient continually dev-
elops from unrelaxed, epitaxial material to nearly fully relaxed
material with the InAs lattice parameter.

To better understand the material origin of the continuous
lattice parameter distribution, the lateral domain size L of the
scattering material is evaluated from the Δqa width of the map –

L¼2π/Δqa – at several reciprocal space conditions (denoting
distinct lattice parameters within the lattice gradient) and plotted
in Fig. 4b. From the graph, we can clearly attribute the L
values retrieved at lattice parameters close to GaAs (5.653 Å) as
originated from large areas, found in bond-back parts of the

Fig. 2. Growth series with different amounts of deposited InAs material in partly released membranes. All images above show 10�10 μm2 areas in the etching front that
separates the released and unreleased parts, as represented in the square mark in Fig. 1(d). (a) 0 ML of InAs deposition (b) 1 ML of InAs deposition (black circles mark the area
with material accumulation) (c) 2 ML of InAs (d) 3 ML of InAs deposition.

Fig. 3. (a) SEM image of wrinkled region and (b) a magnification of this area.
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membrane, as well as on the pseudomorphic unreleased film.
Starting from a lattice parameter of 5.75 Å, we retrieve a smaller
domain size of ca. 90 Å. Such type of domain is related to the InAs
deposits observed in wrinkled regions by AFM and SEM images
and is comparable with the size of individual InAs islands grown
on flat substrates. This indicates that InAs deposits partly relax,
hence exhibiting a lattice parameter closer to InAs – either
elastically by straining its substrate as seen before [5,8] or
plastically by the introduction of crystal defects.

4. Conclusion

We describe the formation of InAs nanostructures by material
migration during the growth of InAs on partly released, wrinkled
InGaAs membranes. AFM images obtained from surfaces of a
systematic growth series indicates that the InAs migrates from
the unreleased to the released areas of the sample and accumu-
lates preferably on top of wrinkled structures. Our AFM and SEM
results additionally show that InAs nanostructures are not formed
on the unreleased parts of the samples. SEM results confirm that a
major amount of the material migrates to the compliant free-
standing parts of the samples.

Our work demonstrates that released wrinkled InGaAs net-
works can be used as compliant substrates for the growth of InAs/
GaAs heterostructures. Furthermore, the growth on such partly
released membranes turns out to be fundamentally different from
the growth on rigid substrates as the deposited material mig-
rates over large distances. The origin is ascribed to a non-homo-
geneity of the chemical surface potential due to the change of the
lattice parameter between the released and the unreleased areas
of the sample [19]. GI-XRD indicates that the deposited material
undergoes a partial relaxation. Further experiments have to show,
if this relaxation is mostly elastic or plastic.
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a b s t r a c t

We present a systematic study of extended defect creation in InGaAs/GaAs multiple quantum well
(MQW) structures. Three sets of samples, grown by molecular beam epitaxy, were characterized by high-
resolution x-ray diffraction and transmission electron microscopy. First, in a temperature series, optimal
deposition temperature of 505 1C was found for the In composition of 20% as determined from
dislocation loop (DL) density and inspection of diffuse scattering patterns. InGaAs decomposition and
lateral layer thickness undulations were observed above this optimal temperature. Second, increase of
MQW periodicity from �5 to �10 revealed a thickness-related cumulative deterioration, characterized
by increased likelihood of defect intersection with continued MQW growth, as suggested by an increase
of the secondary DL density from �1.6�107 cm�2 to �6�108 cm�2. Additional strained layers
experienced an ever-degrading quality of the growth surface. Third, a set consisting of samples with
three different MQW periods was investigated. Different stages, suggested by a model of defect creation,
were obtained for these different MQW periods, allowing specification of particular type, density, and
spatial distribution of extended defects for each stage of defect creation.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Defect creation as an inherent process in epitaxial growth has
impeded the realization and practical application of many electro-
nic and optoelectronic devices. Physical properties and hence final
device performance depend critically on the crystal quality of the
epitaxial structure [1–5]. In multiple-quantum-well (MQW) solar
cells, which appear to offer a superior approach compared to their
homojunction counterparts [6–8], crystal quality deterioration still
inhibits tapping of their full potential [9].

We report here on investigations of defect creation in InGaAs/
GaAs MQWs and describe new findings about the main structural
features, such as type, density, and spatial distribution of crystal
defects, as dependent on growth conditions. Observations are
interpreted in the framework of a model describing defect creation
as a multi-stage process, starting from accommodation of initial
elastic stress and point defect (PD) creation on the growth front,
followed by inward diffusion and accumulation at pre-dislocation
clusters, and finally transformation to extended defects in the

volume of epitaxial structure [10–12]. The crystalline properties of
these structures as dependent on growth conditions are related to
optical properties in the companion paper [13].

2. Experimental details

The InxGa1�xAs/GaAs MQW samples were grown by molecular
beam epitaxy (MBE) on undoped (001)-oriented GaAs-wafers.
MQW growth was preceded by a deoxidation step at 580 1C,
followed by the growth of a 250-nm-thick GaAs buffer and AlGaAs
cladding layers at a deposition temperature of 595 1C. Completion
of deoxidation and the surface morphology transformation were
monitored by in situ reflection-high-energy electron diffraction
(RHEED). Growth rates of MQW structures were chosen as
�0.1 nm/s and 0.08 nm/s for InGaAs and GaAs layers, respectively,
adjusted �20% In composition.

Three sample sets were grown in order to allow defect creation in
the InGaAs MQWs to be studied systematically as a function of
deposition temperature, total MQW thickness, and average elastic
strain.

(I) four samples, MQW period 8þ8 nm (well and barrier thick-
ness), grown at various deposition temperatures between 475
and 520 1C, with �5 periodicity;
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(II) two samples, MQW period 8þ8 nm, grown at 490 1C, with
periodicity �5 and �10;

(III) three structures, grown at 490 1C, periodicity �10, with
MQW periods 4þ8 nm, 8þ8 nm, and 8þ16 nm.

These grouped structures were then analyzed to determine the
influence of the growth parameters on defect creation. Crystalline
properties were investigated with a PANalytical X’Pert Pro MRD
high-resolution x-ray diffractometer (HRXRD) in double- and
triple-crystal (DC and TC) modes for acquisition of DC and TC ω–

2θ and TC ω rocking curves (RC). In TC geometry, an analyzer
crystal in front of the x-ray detector is used to spatially separate
coherent and diffuse scattered radiation. Shape, position, and full-
width-at-half-maximum (FWHM) of diffraction peaks in respec-
tive RCs were examined to obtain structural information about the
substrate and the epitaxial layers to suggest the type, density, and
spatial location of the crystal defects resulting from epitaxial
growth [10–12,14–16]. Symmetrical (004) and asymmetrical
(224)ω–2θ/ω TC reciprocal space maps (RSM) revealed the spatial
distribution of diffuse scattered radiation, and hence showed
structural features of the created defects. Asymmetric RSMs enable
estimates to be made of the extent of relaxation of initial elastic
stress, and correct specification of the preferred type of crystal
defects [10–12].

Plan-view and cross-section transmission electron micrographs
were compared to results from RHEED and HRXRD characterization.

3. Results and discussion

3.1. Deterioration regimes at different deposition temperature

Changes in crystal deterioration between deposition tempera-
tures of 475 1C and 520 1C are observed in DC ω–2θ scans (Fig. 1).
These curves are dominated by (004) GaAs diffraction and MQW
superlattice (SL) peaks. In the curves for samples grown at
temperatures r505 1C, coinciding angular positions of the SL
peaks indicate the target In composition of �20% and MQW
period of �16 nm. Interference patterns with clear SL peaks and
interference fringes over a wide angular range correspond to a
total MQW thickness of 80 nm and low deterioration of vertical
coherence. RSMs reveal low density of diffuse scattered radiation
and zero relaxation of the initial elastic stress. In cubic lattice
heterostructures, this indicates low density of 601 dislocation
loops (DLs) as the primary extended defects created in the volume
of the epitaxial structures and on the interface(s), along with a lack

of closing-edge segments (Lomer dislocations) formed where the
601 DLs intersect in the volume of the MQWs [10–12].

In contrast, the DC ω–2θ scan of structure Tdep¼520 1C reveals
a lower In composition of �18.5%, as the SL interference pattern is
shifted towards the substrate peak. Further, the SL peaks and the
interference fringes are diffuse as a result of inferior vertical
coherence. Quantitative results obtained from the FWHM of
MQW peaks in TC ω–2θ scans demonstrate diminished vertical
coherence �75 nm (Table 1), while samples Tdepr505 1C exhibit
larger vertical coherence length �97 nm.

TC ω RCs (Fig. 2) are used to specify type, density, and spatial
distribution of preferred defects. The structures grown at
Tdepr505 1C (Fig. 2a) reveal ω RCs with a narrow central coherent
peak on wider base and a clear interference wing on the tails
indicating lateral ordering of the secondary 601 DLs on the MQW/
substrate interface [10–12,14]. On the contrary, weak lateral
ordering of small defects occurs at elevated temperature, as
indicated by the broad range of scattering contributions in the
respective TC ω RC (Fig. 2b). Azimuthal asymmetry observed for
the lower growth temperatures is not present in this structure. The
analysis of shape and linewidths in TC ω RCs allowed estimates to
be made of the densities of 601 DLs as listed in Table 1. The density
of both primary and secondary 601 DLs decreased with increasing
deposition temperature until a minimum (�3�105 cm�2 and
�1.5�107 cm�2 for primary and secondary DLs, respectively) is
reached for a growth temperature of 505 1C. Diffuse scattering on
the tails of the ω RCs caused by these loops is also minimal for this
sample.

Symmetric and asymmetric RSMs (not shown) confirm the
differences in crystal quality deterioration. While symmetrical
RSMs for structures Tdepr505 1C reveal narrow diffraction spots
connected by a streaky truncation rod due to high vertical
coherence of entire MQW structure, wide areas of diffuse scatter-
ing are observed in the RSM of the structure grown at 520 1C. The
latter indicates deterioration of crystallinity with a broad range of
length scales that is attributed to InGaAs decomposition leading to
reduced In composition (�18.5%) and the creation of small
scattering objects like In clusters. Asymmetrical RSMs with coin-
ciding Qx diffraction vector for (224) GaAs and InGaAs SL spots
indicate a lack of initial stress relaxation for structures grown at
r505 1C because primary DLs having their bottom edge segment
in the volume of the substrate do not contribute to relaxation.
Likewise, the density of secondary DLs is not sufficient to initiate
relaxation. Asymmetrical RSMs in which the position of substrate
and InGaAs SL spots causes specific Qx gap (Tdep¼520 1C), indicate
an initial stage of stress relaxation (�2–3%).

Cross-section transmission electron microscopy (TEM) of the
structure grown at 520 1C revealed a structural instability in the
MQW structure with regard to the growth of morphological
perturbations. In contrast to the other three samples, the MQW
interfaces are not smooth, but show lateral thickness undulations
with a period of �100 nm (Fig. 3). This type of deterioration is
attributed to the structural instability caused by the elevated
growth temperature. This growth interval 505–520 1C resembles
the critical temperature (surface diffusivity) predicted by [17]
based on a theoretical stability analysis of strained-layer super-
lattice epitaxial growth. In this critical range, MQW growth is
supposed to transition from a stable to an unstable regime,
characterized by the lateral modulations in layer thickness.

Structural analysis identified the deposition temperature of
505 1C as the optimum for low deposition rate (�0.1–0.15 nm/s)
epitaxial growth of the In0.2Ga0.8As MQWs. Further, two different
regimes of crystal deterioration were found. At the optimal growth
temperature and below, primary and secondary 601 DLs with
pronounced lateral ordering served as the primary crystal defects
that stabilize initially deteriorated epitaxial growth. DL densities
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Fig. 1. DC ω–2θ scans in (004) reflection of four �5 MQW structures, period
8þ8 nm (wellþbarrier width) grown at different temperatures. SL peaks resultant
from MQW periodicity and fast interference fringes related to total MQW thickness
are clear for structures Tdepr505 1C. Scan for the structure Tdep¼520 1C demon-
strates decrease of In composition and reduced vertical coherence of the MQW.
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decrease with increasing deposition temperature up to the optimum.
Exceeding this temperature, a different type of deterioration, char-
acterized by a range of lateral length scales and diminished vertical
coherence is created. InGaAs decomposition as a material instability
occurs at elevated growth temperature and a structural instability is
manifested in lateral layer undulations.

An In composition �20% was chosen for this particular study.
However, there is possibly a different optimal temperature for
each In composition and deposition rate with highest crystallinity
and two distinct regimes of primary crystal deterioration below
and above this temperature.

3.2. Effect of MQW periodicity

The increase of MQW periodicity from �5 to �10, for a fixed
growth temperature of 490 1C and MQW period of 8þ8 nm, is
characterized by greater deterioration of crystal quality. Whereas
the vertical coherence length of the �5 structure (�98 nm)

resembles its physical thickness (�80 nm), the �10 structure
reveals vertical coherence (�110 nm) in comparison to MQW total
physical thickness (�160 nm). This reduction results from an
increased density of secondary DLs, their intersection, and creation
of coherency-deteriorating edge segments (Lomer dislocations) in
the volume of the SL.

TCω RCs collected around the SL peaks reveal a strong decrease in
coherent scattering and a prominent increase of diffuse scattering on
the tail of the RC as the total MQW thickness is doubled. The increase
in diffuse scattering is related to the increase in total density of
secondary 60 1C DLs from �1.6�107 cm�2 (�5) to �6�108 cm�2

(�10) and augmented formation of edge segments resulting from DL
intersection in the volume of MQW. The lateral coherence of the
epitaxial layers is thus reduced.

Enhanced creation of secondary DLs and reduced vertical and
lateral coherence are visible in the (004) RSMs (Fig. 4). While the
narrow SL spots of the �5 MQW structure (Fig. 4a) are connected
by a continuous narrow surface truncation rod due to high spatial
coherence, Fig. 4b shows a broken truncation rod and diffuse SL
spots visually elongated in the lateral direction.

The increase in secondary DL density shifts creation of next
“tertiary” DLs close to the interface. This type of 601 DLs originates
from single-atom pre-dislocation clusters, which gradually occupy
vacant positions on the interface (minimal distance between these
loops isE jbj /εxx, where jbj is the modulus of the Burgers vector
and εxx the initial elastic strain). These positions became available
between already created primary and secondary DL extraplanes,
which, diminishing atomic migration on the growth front, enable
the creation of single-atom pre-dislocation clusters. Single-atom
size of these pre-dislocation clusters induces secondary elastic
stress to create DLs close to the interface and finally onset
relaxation of the initial elastic stress [12], but insufficient to let
created dislocation core glide into the substrate. In fact, the
compressively strained SL is fully stressed in the �5 structure,

Table 1
Structural parameters as obtained from high-resolution x-ray diffraction around (004) InGaAs/GaAs MQW peaks.

Tdep [1C] 475 490 505 520

FWHM TC ω–2θ (0SL peak) [arc sec] 176 174 176 228
FWHM TC ω RC (�1SL peak) [arc sec] 12.2 11.2 9.4 10.1
L vert.coh. (MQW structure) [nm] 97 98 97 75
N primary DLs [cm�2] 5.5�105 4.3�105 3.0�105 3.7�105

N secondary DLs [cm�2] 2.7�107 1.6�107 1.0�107 1.2�107

Relaxation [%] 0 0 0 2–3

[110] azimuth
[1-10] azimuth

[110] azimuth
[1-10] azimuth

Fig. 2. TC ω RC in (004) reflection on -1SL of structure grown at: (a) optimal Tdep=505 °C and (b) elevated temperature Tdep=520 °C. Pronounced interference wings on the
curve tails (a) contrast broad range of diffuse scattering (b) as a result of lateral ordering of extended defects.

Fig. 3. Cross-section TEM of the �5 MQW structure grown at Tdep¼520 1C. Lateral
layer undulations (period �100 nm) result from elevated deposition temperature
and partial In decay.
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whereas a relaxation of �12–15% is observed in the (224) RSM for
the �10 structure.

Contrasting these two samples with different MQW periodicity
(total thickness), while Tdep and MQW period were kept fixed,
revealed a cumulative thickness-related deterioration as the elas-
tic strain is accommodated during epitaxial growth by the gradual
occupation of pre-dislocation positions on the interface(s).

3.3. Effect of MQW period

Growth of �10-periodicity MQW structures was carried out at
a common deposition temperature. Starting from the MQW period
8þ8 nm (well and barrier widths), as used in all structures
discussed so far, the thickness of the strained well layers was
reduced to 4 nm. In a second approach, the strained layer thick-
ness was kept at 8 nm, while the unstrained barrier width was
doubled to 16 nm. This set of samples allows an evaluation of how
changes in the total incorporated elastic strain affect and possibly
mitigate defect creation related to lattice-mismatched epitaxial
growth.

The sample with the lowest MQW period of 4þ8 nm revealed
best crystal quality with a sharp coherent SL peak in the TC ω RC
(Fig. 5). FWHM of the central and diffuse peaks of symmetric RCs
allowed estimates to be made of the density of primary and
secondary DLs of �5–7.5�104 cm�2 and �1�107 cm�2, respec-
tively. From the linewidth of the SL peaks in the TC ω–2θ scans,
the vertical coherence length of the MQW was calculated to be
�120 nm, which coincides with the physical thickness of the
structure. Symmetrical RSM (Fig. 6a) revealed SL spots elongated
along the vertical diffraction vector forming a faint surface
truncation rod. The narrow lateral extent of diffraction spots
correlates with a weak diffuse scattering contribution in TC ω
RC. Total density of the primary and secondary DLs was insuffi-
cient to onset noticeable creation of tertiary DLs and relaxation of
the initial elastic stress. The growth surface, deteriorated by
InGaAs deposition was “healed” by barrier GaAs layers,

diminishing the depth of dislocation trenches, the main deterior-
ating factor on the growth surface [11]. Both effects terminated the
defect creation at an early stage, individually for each SL pair (well
and barrier), as less strain needed to be accommodated and fewer
surface migration obstacles to overcome.

In contrast, the samples with increased MQW periods of
8þ16 nm and 8þ8 nm with thicker strained layers showed
reduced crystal quality. Coherent scattering was considerably
weakened and diffuse contributions were enhanced, as apparent
from the TC ω RC (Fig. 5). The structure with 8þ16 nm demon-
strates an intermediate stage of crystal perfection, between those
observed in the 4þ8 nm and the 8þ8 nm structures. For [110]
azimuth direction, coherent scattering from the MQW structure is
rather intense and a primary DL density of �7–8�105 cm�2 is
estimated from the FWHM of this peak (Fig. 5). Visual azimuthal
asymmetry of the ω RCs for [1-10] direction corresponds to the
anisotropic spatial distribution of extended defects. This distribu-
tion results in secondary DL density estimates differing by
about an order of magnitude, namely of �1.3�107 cm�2 and
1.7�108 cm�2 for [110] and [1-10] azimuths, respectively. The
anisotropic spatial distribution of secondary DLs is also confirmed
by the different degree of relaxation of the strained layers.
Whereas the lower DL density along [110] and the respective
number of tertiary DLs on the interface is insufficient to initiate
the relaxation of initial elastic stress, higher DL density along
[1-10] led to creation of a sufficient number of DLs close to the
epitaxial interfaces for a relaxation of �5% in the [1-10] direction.
This corresponds to the linear density of tertiary DLs at the bottom
interface of�1.8�104 cm�1.

Despite the increased total number of primary and secondary
DLs in the volume, the calculated vertical coherence length (based
on the FWHM of 0SL peak in ω–2θ scans) is close to the physical
thickness (240 nm), as for the 4þ8 nm structure. The unstrained
barrier layers of doubled thickness retained the crystalline proper-
ties of the MQW structures. The barrier layers, serving as a defect
protector, helped to realize defect “healing” after a single deterio-
rated well layer is grown. During growth of further strained-well
layers, these were exposed to fewer extended defects originating
from the previous strained layers.

In the 8þ8 nm structure, the density of secondary DLs in the
volume increased to �6�108 cm�2, which is more than an order
of magnitude higher than in the 4þ8 nm structure and about half
an order of magnitude higher than for the 8þ16 nm structure. The
spatial distribution of extended defects had no azimuthal asym-
metry. The vertical coherence length was estimated as �110 nm,
which is �30% below the 160 nm physical thickness of the MQW

-30   -10 0 10 -20 -10 0 10 20 30

Fig. 4. Symmetrical (004) reciprocal space maps for two 8þ8 nm structures grown
at the same deposition temperature and MQW period, but varied MQW periodicity
(a) �5, (b) �10. Extended diffraction spots for �10 structure illustrate spatial
coherence diminution and initial stage of relaxation caused by secondary DLs.

Tdep=490°C
×10 MQW periodicity
MQW-period=
4+8 nm
8+8 nm
8+16 nm

Fig. 5. TC ω RCs in (004) reflection of three MQW structures with varied MQW
period. Three different, preceding stages of defect creation are realized. For the
8þ16 nm structure RCs for two azimuthal directions [110] and [1-10] are shown,
whereas the two other samples do not show azimuthal anisotropy.
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structure. The increased thickness of the strained layers led to
higher deterioration of every single quantum well as larger elastic
strain had to be accommodated. In turn, more secondary and
tertiary DLs were created and the density of closing-edge seg-
ments (Lomer dislocations) increased. The latter was manifested in
reduced vertical coherence length as compared to the physical
thickness and relaxation of the initial elastic stress.

In direct comparison, the decrease of the strained layer width
(8þ8 nm vs. 4þ8 nm) reduced the crystalline deterioration more
effectively than increasing the unstrained layer thickness (8þ8 nm
vs. 8þ16 nm), as defect creation was terminated at an earlier
stage. For a multi-stage defect creation process, this early stage is
characterized by the creation of primary DLs as the main dete-
rioration cause. Increasing the unstrained layer thickness used as
“healing” element, resulted in reductions in the total amount of
PDs created on the growth front and hence to the lower density of
secondary DLs. The likelihood of tertiary DL and Lomer dislocation
formation close to substrate/epi-structure interface and in the
MQW volume was hence reduced. The latter explains why the
extent of stress relaxation decreased from �15% to 0–5%.

4. Discussion and conclusions

The experimental results emphasize that defect creation in
epitaxial growth is a complicated multi-stage process. All types of
601 DLs originate from PDs, created at the growth front. Upon
inward diffusion of PDs they accumulate in pre-dislocation clusters
and finally transform to DLs under secondary elastic stress,
induced by these clusters. In a continuous process, primary and
secondary DLs reconstruct the growth surface for the generation of
tertiary DLs. Creation of these DLs stabilizes the growth procedure.

Three sets of InGaAs/GaAs MQW structures were grown by
MBE and characterized by HRXRD and TEM with regard to their
crystal quality. Probing the influence of the deposition

temperature revealed two distinct deterioration regimes, sepa-
rated by the optimal growth temperature of �505 1C. Deposition
below this temperature resulted in the creation of primary and
secondary 601 DLs as the main deterioration type, with a decreas-
ing density trend as the temperature was increased and a mini-
mum at the optimal temperature. Elevated temperature led to
InGaAs decomposition and a structural instability of the MQW
growth, forming laterally undulated MQW layers and interfaces.

Increasing the periodicity and total thickness of the MQWs
revealed a cumulative deteriorating effect. The intersection of
already created DLs for continued MQW growth increased the
number of edge segments created at substrate/epi-structure inter-
face and in the volume of the MQWs. The former led to the onset
of relaxation of initial elastic stress, while the latter led to
deterioration of the spatial coherence.

Three distinct stages of defect creation were obtained by
varying the MQW period. While a diminished thickness of the
QW layers (4þ8 nm structure) revealed primary DLs as the main
type of deterioration, the 8þ16 nm structure led to enhanced
creation of secondary DLs representing the succeeding deteriora-
tion stage. Closing-edge segments were formed at a density on the
substrate/MQW interface not sufficient for noticeable stress
relaxation. The 8þ8 nm structure represented an even more
advanced stage of defect creation in which the creation of tertiary
DLs on the interface, and most importantly, their intersection in
the volume of MQW and the location of closing-edge segments
close to epitaxial interfaces were sufficient to initiate relaxation of
elastic stress.
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a b s t r a c t

The optical properties of three sets of InGaAs/GaAs multiple quantum well (MQW) structures grown by
molecular beam epitaxy and previously characterized by x-ray diffraction for crystal perfection were
investigated. The correlations between growth conditions, crystal defects, and optical properties are
discussed. Evaluation of the relative importance of non-radiative Shockley-Read-Hall (SRH) recombina-
tion was carried out according to a method presented herein. The optimal deposition temperature was
determined based on both proper carrier confinement in the nanostructures and the least non-radiative
recombination. Growing below this temperature increased SRH-recombination whereas higher growth
temperatures led to carrier localization in local band edge minima. Varying the MQW periodicity and
MQW period allowed the study of their effects on the strength of SRH-recombination. MQW periodicity
results are explained in the frame of a cumulative deterioration effect with continued epitaxial growth,
while MQW period data shows correlations between relaxation of the initial elastic stress and SRH-
strength. Limitations of the underlying model for SRH-analysis are pointed out.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

High device performance requires optimized growth processes
tailored to the underlying epitaxial structures, in an effort to reduce
crystalline deterioration as a possible origin for device capability
shortcomings [1–3]. In this respect, crystal defects are known to
mediate loss mechanisms [4], to be responsible for leakage channels
[5], and to be roots of device degradation [6]. In the context of
optoelectronic applications, their impact on optical properties has
hence been studied extensively for various material systems.

In the InGaAs/GaAs material system, for instance, it was shown
that dislocation edge segments particularly enhance non-radiative
recombination. The involved carrier states, mediating this loss
mechanism were revealed to be associated with dislocation cores,
and did not originate from spatially separated defect sites [7].

Our x-ray diffraction investigations [8] previously revealed
distinct dependencies of the crystalline properties of InGaAs/GaAs
multiple-quantum-well (MQW) structures on molecular beam
epitaxy (MBE) growth conditions. In this paper, these findings

are related to conclusions drawn from optical studies. In particular,
non-radiative recombination is assessed by means of a model
developed herein, in order to establish correlations between
growth conditions, crystal quality, and optical properties for the
particular structures investigated herein.

2. Experimental procedure

Three sets of InxGa1�xAs/GaAs MQW samples were grown by
MBE on undoped (0 0 1)-oriented GaAs wafers. The first set
consists of four samples grown at varied deposition temperature
475–520 1C, the second set was grown with varied periodicity �5
and �10, and finally a third set features a MQW period series of
4þ8 nm, 8þ8 nm, and 8þ16 nm. A full description of the growth
conditions and the setup used can be found in the companion
paper [8]. In addition to characterization by means of high-
resolution x-ray diffraction (HRXRD) described therein, optical
properties were examined in various photoluminescence spectro-
scopy (PL) experiments.

Information about the electronic states present in the grown
structures was extracted from temperature-dependent PL measure-
ments. Placed in a He-flow cryostat between 5 and 300 K, the
samples were excited with a 632.8 nm HeNe-laser at 10 mW optical
power. The resultant PL transition energies were compared to the
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calculated confinement states of carriers in these nanostructures
obtained using self-consistent Schrödinger Poisson methods [9].

Excitation power-dependent photoluminescence spectroscopy
was utilized to characterize the strength of non-radiative recom-
bination in the structures as a result of the defects created during
epitaxial growth. The measurements were carried out at 12 K with
excitation provided by a 376 nm laser diode and power varied over
three orders of magnitude up to 70 mW.

3. Excitation-dependent PL for defect analysis

A model is presented as a means to characterize the strength of
Shockley-Read-Hall (SRH)-recombination based on excitation
power-dependent PL measurements. Fundamental to this model
is a transition of the dominant carrier recombination process from
one type to another depending upon the excess carrier density.
This manifests as a change in scaling of the light output-excitation
power relationship from a square to a linear dependence.

At low temperature and sufficient excitation power, the SRH-
recombination rate per unit volume in undoped structures is given
as RSRH ¼ AUΔn, with the SRH-parameter A and the excess electron
density Δn [10]. Optical excitation creates electron-hole-pairs
Δn¼Δp, (Δp is the excess hole density). In structures without
carefully designed optical cavities, spontaneous radiative recom-
bination occurs at a rate Rspo ¼ BU ðΔnÞ2, with the spontaneous
emission coefficient B. A third recombination process, Auger
recombination, occurs at the rate RAuger ¼ C U Δn

� �3, with the Auger
coefficient C2. [11]

These recombination mechanisms compete with carrier gen-
eration by the excitation source (power P, wavelength λ). The
generation rate G per volume V is proportional to the excitation
power, GðPÞ ¼ Pλ=hcVð1�e�αdÞ where h is Planck's constant, c is
the speed of light, α is the absorption coefficient, and d is the
length of the absorption region. At steady state, the rate equation
for these processes reads dn=dt ¼ G�An�Bn2�Cn3 ¼ 0. Simplifi-
cations are possible if Auger recombination is neglected. For that

reason a means is introduced to determine from experimental
data if this condition is met. The internal quantum efficiency IQE is
given by IQE¼ Bn2= AnþBn2þCn3. Fig. 1 shows an example of the
calculated dependence of IQE on carrier density n for selected
values A, B, and C. Beyond a plateau within a carrier density range
where radiative recombination dominates, a drop in IQE marks the
onset of Auger recombination as the dominant mechanism. The
external quantum efficiency EQEp IQE is experimentally accessi-
ble since EQEp IPL=P, where IPL is the measured PL intensity. Thus
a plot of the quantity IPL=P versus the excitation power P allows
one to determine the experimentally covered excitation range over
which Auger recombination can be neglected. Indirect semicon-
ductors with a low B parameter are not suitable for investigation
in this manner.

From the approximated rate equation 0¼ GðPÞ�A nðPÞ�B nðPÞ2,
in which Auger recombination is neglected, the rate of emitted
photons from the optical volume V is derived as

IPLðPÞ ¼ VBUnðPÞ2 ¼ VB � A
2B

þ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
A
2B

� �2

þGðPÞ
B

s2
4

3
5
2

: ð1Þ

Approximation of this equation in low excitation limit
(BG=A{1) and at intermediate level (n�

ffiffiffiffiffiffiffiffiffi
B=G

p
), shows square

and linear scaling, respectively. A sample plot of Eq. (1) illustrates
the two regimes (Fig. 2). At low pumping level, carriers mainly
saturate trap states and only a small portion recombine radiatively.
With increased pumping levels, non-radiative recombination sites
become saturated and radiative recombination of electron-hole-
pairs dominates. The transition between the two regimes occurs
gradually IPLpPk with a continuously decreasing scaling para-
meter kA 1;2ð Þ. A particular value of the power at which the
transition occurs can be defined as the excitation level GT at which
the curves, approximated in the individual limits, intersect. Since
the generation rate at this point is given by GT ¼ A2=BpA2, the
excitation power at which this transition occurs can be used to
measure the magnitude of the A parameter.

To summarize, excitation power-dependent PL measurements
can be used to detect a transition from square to linear scaling in
the relation between the intensity of the luminescence emitted
from the sample and the excitation power. The higher the
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Fig. 1. Calculated internal quantum efficiency (IQE) based on a conservative low
temperature life time estimate and appropriate B and C parameters [12,13]. Until
the onset of the IQE drop at elevated carrier density n, Auger recombination can be
neglected.
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2 In undoped structures held at low temperature the electron density n can be
approximated as n�Δn.
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excitation power at which this transition occurs, the stronger are
the non-radiative processes. Applying this ABG-model allows one
to draw conclusions about how defects created in epitaxial growth
act as non-radiative recombination sites.

4. Results

The quantum confinement states of carriers in MQW nanos-
tructures are studied using PL over a range of temperatures and
excitation powers. The temperature evolution of the PL transition
lines reveals the nature and origin of these states. Ideal behavior
would reproduce the temperature-dependent transition energy
behavior between electron and hole confinement states.

4.1. Effect of different deposition temperature

As described in the companion paper [8], one sample set
consists of �5 MQW structures among which the deposition
temperature was varied. Temperature-dependent PL revealed
Varshni-like temperature dependence of the main PL transition
line for all samples grown at Tdepr505 1C [14]. An example of the
PL peak dependence on ambient temperature for the structure
with Tdep¼505 1C is shown in Fig. 3a. Good agreement with the
calculated transition energy between heavy hole and electron
MQW states (black, dashed) shows ideal carrier confinement in
the nanostructures. The low temperature (12 K) linewidth of the
PL peaks were as low as 8 meV, indicating a low density of defect
centers at which carriers are scattered, which would otherwise
lead to PL line broadening. This range of deposition temperatures
(r505 1C) resulted in high quality In0.2Ga0.8As/GaAs MQW struc-
tures with ideal carrier confinement.

The method described in Section 3 is applied to three samples
with Tdepr505 1C. The ratio IPL=PpEQE vs. P is plotted in Fig. 4 to
validate the assumption of negligible Auger recombination. It is
apparent that the regime in which Auger recombination becomes
significant is not entered, i.e. the EQE does not drop beyond the
plateau as it would at higher excitation as shown in Fig. 1. Hence
the simplified equations of the ABG-model (Eq. 1) can be used for
further analysis.

The change in the scaling parameter k of an IPL vs. P curve is a
measure of the SRH-recombination strength. A suitable way to
present this transition is shown in Fig. 5, in which the scaling
exponent k¼ d log ðIPLÞ=d log ðPÞ is plotted against the excitation
power P. While square scaling corresponds to k¼2, linear scaling is
indicated by k¼1. The plot of the scaling exponent shows different
onsets of linear scaling over the covered excitation range. The
structure Tdep¼505 1C exhibits linear scaling over the entire excita-
tion range as the scaling exponent scatters around 1. For the structure
grown at 15 1C lower temperature the scaling exponent started off
around 1.2 at the lowest pumping level, decreasing continuously
with excitation power and finally reaching unity. In comparison to
the structure grown at higher temperature, this sample required a
higher excitation power to reach the linear regime. The lowest
deposition temperature sample Tdep¼475 1C manifested a high
scaling exponent �1.4 at lowest excitation. Although k decreased
continuously with higher excitation, linear scaling was not observed
in the covered range. The value k¼1 is hence likely to occur at even
higher pumping. These measurements showed a gradual increase of
the pumping level at which the linear PL regime is entered as
deposition temperature is decreased, leading to the conclusion that
the strength of non-radiative SRH-recombination increases likewise.

Whereas the structures with Tdepr505 1C showed Varshni-like
behavior in the temperature-dependent PL experiments as a result
of ideal carrier confinement, the sample with Tdep¼520 1C devi-
ates in this respect (Fig. 3a). In contrast to the simulated transition

energy dependence (black, dashed), this sample's PL response
(grey) started off with a photon energy �50 meV below the
calculated value at low temperature and revealed a non-
monotonic temperature dependence. This particular S-shape
behavior and the non-monotonic variation in peak asymmetry
(compare peak and central wavelength) hint at the localization of
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Fig. 3. a) Temperature-dependent PL signal for two MQW structures with the same
periodicity and period. Whereas the structure grown at Tdep¼505 1C reveals a
behavior that follows closely the calculated trend (black, dashed), sample
Tdep¼520 1C is described by an S-shape curve. b) Characteristic non-monotonic
linewidth temperature dependence and good fit of integrated PL intensity versus
ambient temperature curve to IPL ¼ I0=ð1þt UexpðT=T0ÞÞ suggest the occurrence of
carrier localization.
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carriers in local energy minima. Redistribution of carriers among
local minima is a temperature activated process and leads to the S-
shape dependence observed here. Along with the non-monotonic
linewidth behavior and a good fit of the temperature-dependent
PL intensity data to a model proposed by [15,16] (both Fig. 3b) the
results suggest the occurrence of carrier localization. This mechan-
ism has been described previously in various other structures [15–
17]. The identified presence of random band edge fluctuations is
attributed to compound composition variations as a result of
InGaAs decomposition at an elevated deposition temperature
Tdep¼520 1C.

4.2. Effect of MQW periodicity

This set of samples probes the influence of MQWperiodicity on the
optical properties of epitaxial structures. The PL response showed
good carrier confinement in these epitaxially grown nanostructures
with agreement betweenmeasured photonwavelength and calculated
confinement states. To compare the influence of defect related
recombination processes, excitation-dependent PL was carried out
according to the ABG-model used above. As was shown above for the
temperature series (Fig. 4), the behavior of the quantity IPL=P was
examined with regard to a possible EQE drop at highest pumping
level, justifying neglecting Auger recombination in the ABG-model.
The scaling exponent dependence on the pumping level is plotted in
Fig. 6 for the samples with different MQW periodicities. It can be seen
that the low-periodicity structure revealed a scaling exponent �1.2 at
the lowest excitation and rapidly transitioned into the linear region. In
contrast, the high-periodicity sample started off with a higher scaling
exponent �1.9 and reached linear scaling at a comparatively higher
pumping level. Based on the ABG-model it can be inferred that trap
state mediated non-radiative recombination is stronger in the �10
structure. An increase in the periodicity of epitaxial MQW structures
led to a reduced carrier lifetime as a result of more defect sites
involved in SRH-recombination.

4.3. Effect of MQW period

The decrease of the MQW period from 8þ16 nm to 8þ8 nm of
epitaxial structures is supposed to result in different densities of
defects due to the different amount of total elastic strain.

As before, the strength of SRH-recombination was investigated
via excitation power-dependent PL. The evolution of the ratio IPL=P
confirmed that Auger recombination is negligible over the excitation
power range of interest. A plot of the scaling exponent versus the
pumping level is shown in Fig. 7. It is apparent that the sample with
highest MQW period 8þ16 nm stays in a linear regime over the
entire excitation range. The saturation of recombination sites in the
epitaxial volume is expected to occur at even lower excitation power.
Reducing the MQW period to 8þ8 nm reveals the higher pumping
level necessary to enter the linear scaling regime.

Hence, the reduction of unstrained barrier layer thickness from
16 to 8 nm increased the strength of SRH-recombination consider-
ably. This result, however, has to be put into perspective, as the
limited absorption depth (� 200 nm [18]) leads to partial excita-
tion and hence examination of only part of the MQW volume of
the structure with MQW period 8þ16 nm. The substrate/epi-
structure interface, which due to relaxation of the initial elastic
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Fig. 5. Linear scaling occurs at a higher excitation power the lower the deposition
temperature Tdep. High scattering of data points is to be expected as the plotted
quantity (scaling exponent) is based on a differentiative evaluation method.
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Fig. 6. Direct comparison of optical behavior at varied excitation power unveils the
stronger SRH-recombination in the higher periodicity MQW.
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Fig. 7. Increasing the unstrained barrier width reduces defect state mediated non-
radiative recombination as apparent from particular scaling exponent behavior shown.
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stress [8] is a probable location of non-radiative recombination
sites, most likely contributes only slightly to the emitted light and
is thus of minor influence in this ABG-experiment because of the
sample's thickness (�10, 8þ16 nm). If the scaling exponent
curves of this structure and the �5, 8þ8 nm one (the latter
revealing comparatively reduced edge segment density and no
relaxation) are compared, it becomes apparent that non-radiative
recombination is underestimated in the thick structure 8þ16 nm.

5. Correlation with crystalline properties

The optical properties of various InGaAs/GaAs MQW structures
studied in this work were correlated with the particular growth
conditions and crystalline properties from prior work as explained
in detail in [8].

In the set of samples grown at varied deposition temperatures,
HRXRD investigations found an optimal growth temperature
Tdep¼505 1C for In0.2Ga0.8As, characterized by smooth MQW
interfaces, minimal dislocation loop (DLs) densities and the least
amount of diffuse scattering in symmetric (0 0 4) reciprocal space
maps. At this value and below (Tdepr505 1C) the main type of
crystalline defects are 601 DLs with increasing density as Tdep is
decreased. From the optical data, the primary and secondary DLs
at the measured densities (3.0–5.5�105 cm�2 and 1.0–
2.7�107 cm�2) still allow proper confinement of charge carriers
in the nanostructures as concluded from temperature-dependent
PL experiments. The strength of non-radiative SRH-recombination
increases along with the density of DLs for lowered Tdep and the
optimal Tdep found in HRXRD experiments coincides with the one
inferred from optical investigations.

Exceeding the optimal Tdep¼505 1C revealed a material instability
manifested in InGaAs decomposition and a structural instability visible
as lateral layer thickness undulations in transmission electron micro-
graphs. Both deteriorations cause local effective band gap fluctuations
as both the compound composition and confining layer thicknesses
determine carrier state energies. This correlates with random band
edge fluctuations found in the optical investigations (Fig. 3) that led to
carrier localization in local energy minima.

Varied MQW periodicity from �5 to �10 at the same Tdep and
MQW period revealed reduced vertical and lateral coherence, an
increased density of secondary 601 DLs, and visible relaxation of
initial elastic stress up to �15%. As the densities of edge segments
on the substrate/epi-structure interface and Lomer dislocations in
the volume increase non-radiative SRH-recombination becomes
prominently stronger. This finding was explained as a cumulative
deterioration effect. Denser creation of edge segments close to
substrate/epi-structure interface (tertiary DLs) giving rise to stress
relaxation [19–21] accounts for the denser distribution of defect
states involved in SRH-recombination.

Lastly, a set with different MQW periods, grown at the same
Tdep with common MQW periodicity, showed in its optical proper-
ties the effect of thicker unstrained barriers as defect “healing”
layers while the period was increased from 8þ8 nm (wellþbarrier
width) to 8þ16 nm, in agreement with the conclusions drawn
from HRXRD investigations.

6. Discussion and conclusion

In this work, a method capable of evaluating the strength of
defect state mediated non-radiative recombination was intro-
duced. This ABG-model is based on excitation power-dependent
PL experiments. Its applicability was shown for several InGaAs/
GaAs MQW structures. Limitations of this model were observed for
structures with weak carrier confinement, such as shallow wells

(e.g. GaAs/GaAs0.92Sb0.08) or comparatively thick single layers (e.g.
100–500 nm), based on data not presented herein. However, the
proposed ABG-model can be applied to nanostructures with
proper carrier confinement, as typical for, e.g. light emitting diodes
and MQW solar cell structures.

Further, correlations between the crystalline and optical prop-
erties versus epitaxial growth conditions were presented. Investi-
gation of three individual sample sets with variations in
deposition temperature, total MQW thickness, and MQW period,
allowed the creation of extended and optically active defects to be
studied systematically.

The correlation between physical properties, such as the optical
response and crystal perfection, as dependent on growth condi-
tions are of special importance in the development of growth
processes for device applications. In this context, optimization of
the growth procedure and prevention of material quality dete-
rioration improve device performance.
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a b s t r a c t

The performance of focal plane arrays type-II InAs/GaSb superlattices (T2SL) based photo-detectors is
limited by their operability (percentage of working pixels). Using preferential chemical etching we
formed pits around “killer” defects found in InAs/GaSb T2SL epi-layers grown by MBE on GaSb (100).
These pits were then studied with various microscopically methods, including optical, high resolution
scanning electron (HRSEM), high resolution transmission electron (HRTEM), and cross-section scanning
tunneling (XSTM) microscopies. We have found that these “killer” defects are related to both growth
conditions and substrate imperfections. Adjusting these parameters allowed us to reduce “killer” defects
density by several orders of magnitude. HRTEM inspection of the defects shows that at high growth
temperatures they originate close to the T2SL–GaSb interface, and develop in size during only few SL
loops to a straight and narrow “column” through the whole structure. At low growth temperatures most
of them are nucleated on stacking fault defects formed on irregularities in the substrate surface.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In the past few years, type-II InAs/GaSb superlattices (T2SL)
photo-detectors have developed quickly. The material and device
performances have improved significantly and large format focal
plane arrays (FPAs) have been demonstrated, especially for applica-
tions in the long-wave infrared (LWIR) absorption band [1]. Despite
the rapid progress, the performance of T2SL infrared detector arrays
reported is limited by their operability (percentage of working
pixels). Using preferential chemical etching and high resolution
microscopies we studied “killer” defects found in our T2SL epi-
layers. We found that defects, having a nail-like shape in high
resolution transmission electron microscopy (HRTEM), were formed
at the T2SL interfaces close to the T2SL–GaSb buffer layer (BfL)
interface. Their density increased with the growth temperature and
the InSb content in the T2SL interfaces but not with the density of
threading dislocations in the BfL. Irregularities in the GaSb substrate
also caused such defects. It seems that the formation of nail-like
defects in superlattice growth is enhanced by the superlattice itself.
This may be due to the local strains within the superlattice, existing
even when the whole structure is lattice-constant balanced by InSb
forced interfaces.

2. Experimental procedure

The T2SL studied, consisting of 13 ML of InAs and 7 ML of GaSb,
were grown by MBE on 3 in. “epi-ready” GaSb (100) 11-(111)A
wafers (supplied by WaferTech) with a 0.1 mm GaSb buffer layer.
Most of the time we studied structures in which the T2SL layer was
capped with a thinner aluminum-containing superlattice (ALSL) with
15 ML of InAs and 4 ML of AlSb. Both superlattices (SLs) had InSb
forced interfaces for lattice parameter balancing. The material
growths were carried out in a Veeco GenIII MBE system, equipped
with valved arsenic and antimony cracker cells, and indium, gallium
and aluminum SUMO cells. Substrate temperature was measured
with a pyrometer (IRCON 3G-10C05). The BEP V/III ratios were 8 for
InAs, 3.4 for GaSb and 4.8 for AlSb. The growth rate was �0.5 ML/s.

We studied the defects in the epilayers, revealed by an SCD
proprietary preferential etch, using optical (Nomarski mode) and
scanning electron microscopies, as seen in Fig. 1 for growth at
430 1C. The SCD etch (Fig. 1a) forms large pits around “killer”
defects that can be easily detected with an optical microscope.
These large pits are formed only in ALSL. In T2SL it forms very
small pits that can be detected only at higher magnifications
(Fig. 1b). For comparison we used, sometimes, the etchant pro-
posed by Aifer [2] (Aifer Etch – Fig. 1c). It develops etch pits (EPs)
around few kinds of defects in the T2SL and not only at the “killer”
defects as the SCD etchant.

We used these EPs as markers for the preparation of cross-
section samples for TEM. We also used XSTM (Omicron) to study
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our T2SL structures. High-resolution X-ray diffraction (HRXRD, Jor-
dan Valley QC3) and photoluminescence (PL) measurements were
also performed.

3. Results and discussion

The SCD etch forms a typical pit in the ALSL cap layer around a
“killer” defect as shown in Fig. 2a: the four corner “stars”
appearing in the optical microscopy (Fig. 1a) are revealed as flat-
bottom pits surrounded by steps (due to the SL structure) forming
[110] oriented “double-arrowheads”. In the center of each is a
black rectangular (sometimes covered by debris). Fig. 2b shows
schematically a cross-section in a pit formed in an ALSL–T2SL
structure by the SCD etch: a small and narrow pit in the T2SL, in
the center of the large EP in the ALSL layer. The flat bottom of the
ALSL pit is at the ALSL–T2SL interface. At its center lies a hole
etched in the T2SL as seen also in Fig. 1b.

Fig. 3 shows TEM images around the core of defects shown in
Fig. 2a. At the top we see the etch pit itself (the bright cone). The
dark cylinder below it is the defect, which looks like a nail, with a
constant width from the top of the T2SL epi-layer down to about
the 10th T2SL loop (Fig. 3b1). At that point, the dark cylinder turns
into a dark narrow line which continues down to the T2SL–GaSb
buffer layer interface. Inspection of more defects in the same
epilayer (Fig. 3b2 and other images not shown here) shows that
these transitions (from a column to a line – the tip of the “nail”) lie
at different levels above the T2SL–BfL interface for different
defects. The dark lines end always close to this interface.

Looking closely at the “nail's” tip (Fig. 3c) we see that the dark
line, originating at the T2SL–GaSb interface, is split, as it propa-
gates, to a few thread-like defects in the structure. We did not
reveal any irregularity close to the dark line origin or to where it
splits into the “threads”. Also, at this stage, we cannot say much
about the nature of these dark thread-like lines, although they
may be dislocations.

The main growth parameter affecting the density of the nail-
like defects is the growth temperature. This is shown in Fig. 4:
the high EPD shown in Fig. 1 (�5 �105 cm�2) drops rapidly as the

Fig. 1. Optical microscope in Nomarski mode (a,c) and SEM (b) micrographs of etch pits formed by the two preferential etchants used in this study in epilayers grown at
430 1C. (a) SCD etch in ALSL on T2SL, (b) SCD etch in T2SL epilayer (without the ALSL cap layer), and (c) Aifer Etch in T2SL.

Fig. 2. Shape of etch pits formed by the SCD etchant in an ALSL–T2SL epilayer. (a) SEM
image of the top surface after etching. (b) Schematic illustration of the pit formed in
the structure: a small and narrow pit in the T2SL, in the center of the large etch pit in
the ALSL layer. The flat bottom of the ALSL pit is at the ALSL–T2SL interface.
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growth temperature is reduced. The EPD value stabilizes at 400 1C
on �5 �103 cm�2, slightly higher than the dislocation density in
the GaSb substrates [3,4]. The same type of defects is formed in
ALSL epilayers grown directly on GaSb, only the density of these
defects in them is much lower than their density in T2SL epilayers
grown at the same temperature. Apparently the formation of the
defects is easier in a T2SL than in an ALSL grown on GaSb.

In order to test if the nail-like defects are due to threading
dislocations (TDs), we grew the ALSL–T2SL structure on a virtual

substrate (VS) at a low temperature (400 1C). The VS is a thick
GaSb layer grown on a GaAs substrate. These VSs were found to
have a TD density of �107 cm�2 [5]. So, if the nail-like defects
were due to TDs we should have gotten an EPD of about 107 cm�2.
However, as can be seen in Fig. 5a, the SCD etch gave low EPDs (in
the 103 cm�2 range), as found in low temperature grown T2SL
layers on lattice-matched GaSb. In contrast, the Aifer Etch (Fig. 5b),
which decorates both dislocations and nail-defects, showed the
expected density of TDs in a T2SL grown on GaAs.

Fig. 3. HRTEM images of: (a) one of the EPs shown in Fig. 2a; (b) the defects in the vicinity of the T2SL–GaSb buffer layer interface at two magnifications; and (c) high
magnification of the tip of the “nail-defect” of (b1).
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A clue regarding the origin of the nail defects was received by
the XSTM measurements of T2SLs grown at different temperatures
(Fig. 6). We found bright triangles near the GaSb buffer layer in
one of the cross-sections in an epilayer with high “nail defect”
density, grown at 430 1C. Since InSb has a bright signature in these
XSTM images, we think that these bright triangles are InSb islands
and that they cause the nails. Indeed, we found (Table 1) that as
we lowered the amount of the InSb in the interfaces of the
epilayers grown at a high temperature, we got a smaller EPD
value. Without InSb at all at the interfaces, the EPD was much
lower a. We hypothesize, therefore, that at high growth tempera-
tures small InSb islands are formed at the forced superlattice

interfaces, most probably due to the high mobility of the indium
adatoms on the surface or strained-induced InSb melting [6].
Linear defects appear in the vicinity of these small InSb islands
split or and multiply after 5–20 loops of SL transforming into nail-
like defects. The lower defect density in ALSL grown directly on
GaSb (Fig. 4) is due to the higher roughness of the AlSb-to-InAs
interface (seen in XSTM images not reproduced here) then the
GaSb-to-InAs interface. The indium adatom mobility on the AlSb
surface is, therefore, lower than on the GaSb surface.

We found an EPD “background” level of �5 �103 cm�2 in epilayers
grown at low temperatures (Fig. 4) and the question is what caused it.
Surface morphology analysis by optical microscopy (before etching)
consistently detected single defects and aggregation of defects asso-
ciated with the quality of the substrate surface. For instance, the
preferential etching reveled many times defects arranged along a
straight line which are due to a latent scratch on the substrate surface.
Fig. 7a shows such scratch-related series of defects after etching with
the SCD etch in an epilayer grown at 400 1C. At high magnification
(Fig. 7b) we can see four of these pits arranged along the straight line.
In the center of each of the four pits we found a stacking fault defect
(SFD). The small black defects, mainly near the SFDs, are the small pits
formed at nail defects in T2SL (see Fig. 2b). At a growth temperature of
440 1Cwe also detected SFDs, but the density of nail defects near them
was
much higher (image not shown). Nevertheless, at these high tem-
peratures the majority of the nail defects was not related to SFDs as
discussed above.

Fig. 7c is a TEM image obtained after a careful cross-section at the
area shown in Fig. 7b. The SFD is the dark line in the T2SL epilayer (at
541 to the interfaces, i.e. in a {111} plane) and the nail defects are the
perturbations coming out of it (at right angle to the interfaces). It can
be seen that the SFD continues down from the T2SL into the GaSb
buffer layer (the contrast is better in other images not shown here). It
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Fig. 4. The dependence of the EPD (SCD Etch) in T2SL (circles) and ALSL (triangles)
as a function of the growth temperature.

Fig. 5. Optical microscope (Nomarski mode) micrographs of the surface of a T2SL
grown on GaSb on GaAs virtual substrate after SCD etch (a) and Aifer Etch (b). The
EPDs are in the 103 cm�2 range in (a) and �107 cm�2 in (b).

Fig. 6. XSTM image of a cleaved T2SL around the T2SL–GaSb BfL interface (lying to
the left of the image). The bright triangles at the GaSb-to-InAs interfaces are
believed to be small InSb islands. The structure was grown at 430 1C.

Table 1
The influence of the amount of InSb in the T2SL interfaces on various epilayer
characteristics: the XRD peak separation between substrate and layer (Δθ), the
thickness of the SL loop, the 10 K photoluminescence peak wavelength (λPL) and the
density of the pits formed by the SCD etch (EPD).

Interface type Δθ [arcsec] Loop thickness [Å] λPL [lm] EPD [cm�2]

InSb forced 150 59.6 8.8 �3�105
InSb forced, thin 570 55.8 7.1 �5�104
Unforced 1225 54.4 6.3 �5�103

a As expected, the amount of InSb at the interfaces affected the thickness of the
SL loop, the photoluminescence peak wavelength (λPL) and the InSb lattice-
parameter balancing: the XRD peak separation between substrate and layer (Δθ)
increased as the amount of InSb at the interface was reduced.
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originates at the foreign particle (bright circle) which lies exactly
100 nm below the T2SL–GaSb buffer layer interface. That is, at the
substrate-buffer layer interface. Even at low growth temperatures
linear defects (similar or identical to the high temperature-related
nail-like defects) are nucleated on these SFDs. The “background”
substrate-related killer defects originate, therefore, from particles on
the surface of the GaSb substrates. They may also be due to other
irregularities in the substrate surface, like topographically uneven
surfaces (scratches and voids), or fluctuations in the amount and
composition of the oxide at the surface.

Further study is required to understand the mechanisms of
generation and multiplication of the linear defects from irregularities,
either in the substrate surface or at the SL interfaces, as well as to
explain why these narrow column-like defects do not widen along the
crystallographic planes in the structure. The defects reveled in our
superlattices can be similar to dislocation dipoles [7], screw disloca-
tions [8,9] and micropipes [10] described in previous studies. Never-
theless, it seems that their formation in superlattice growth is
enhanced by the superlattice itself. This may be due to the local
strains within the superlattice, existing evenwhen the whole structure
is lattice-constant balanced by InSb forced interfaces.

4. Conclusions

SCD proprietary etchant reveals “killer” defects in our T2SL test
devices. They are related to both growth conditions and substrate
imperfections. Adjusting these parameters allowed us to reduce
“killer” defects density by several orders of magnitude. Because of
their shape in cross-section HRTEM we named them “nails”. At

high growth temperatures they originate close to the T2SL–GaSb
interface, and develop in size during only few SL loops to a straight
and narrow “column” through the whole structure. At low growth
temperatures most of them are nucleated on stacking fault defects
formed on irregularities in the substrate surface. The formation of
these defects in superlattice growth may be enhanced by the
superlattice itself. This may be due to the local strains within the
superlattice, existing even when the whole structure is lattice-
constant balanced by InSb forced interfaces.
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a b s t r a c t

The effects of unintentional boron contamination on optical properties of GaInP/AlGaInP quantum well
structures grown by molecular beam epitaxy (MBE) are reported. Photoluminescence and secondary-ion
mass spectrometry (SIMS) measurements revealed that the optical activity of boron-contaminated
quantum wells is heavily affected by the amount of boron in GaInP/AlGaInP heterostructures. The boron
concentration was found to increase when cracking temperature of the phosphorus source was
increased. Boron incorporation was enhanced also when aluminum was present in the material.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Fabrication of high-power short-wavelength red-light emit-
ting devices and high-efficiency multi-junction solar cells
requires ability to fabricate high-purity III–V phosphide mate-
rials, such as (AlxGa1�x)1�yInyP (denoted as AlGaInP). Molecu-
lar beam epitaxy (MBE) of AlGaInP is a challenging task, not
only because the material contains phosphorus which is a
flammable material and easily generates toxic fumes when
exposed to air and moisture but there are also several extrinsic
atomic species that can generate defects in phosphide materi-
als. This sets stringent requirements for the purity of the
source materials.

One rather well documented source of detrimental extrinsic
defects in AlGaInP is oxygen, which is reported to create deep
levels in the material [1]. In previous studies, oxygen has also been
shown to deteriorate the properties of AlGaInP-based heterostruc-
tures by reducing the carrier lifetime and optical activity [1–8].
The oxygen incorporation into AlGaInP has been shown to be
related to the phosphorus cracker source and notably to the
cracking zone temperature (Tcr). Therefore, one way to reduce
oxygen contamination in MBE-grown AlGaInP has been to use low
cracking tube temperature [2–4,12]. The recent findings, presented
here, however, indicate that oxygen appears not to be the only
detrimental contaminant whose incorporation into AlGaInP could
be related to Tcr.

2. MBE growth and used measurement techniques

The samples were fabricated using solid-source MBE system
(VG V80) equipped with standard conical effusion cells for group
III elements and cracker sources for arsenic and phosphorus
(Veeco Mark III). Phosphorus used in the study was manufactured
by Rasa Industries, Ltd. The samples were prepared for growth by
thermal oxide desorption at 620 1C for 10 min. Growth of the
GaInP/AlGaInP QW structure was started by a 100 nm of GaAs
buffer followed by 300 nm of Al0.53In0.47P (hereinafter denoted as
AlInP) and 60 nm of (Al0.50Ga0.50)0.52In0.48P waveguide after
which a 5-nm-thick QW of Ga0.49In0.51P was grown. After the
QW the other half of the waveguide was finalized by 60 nm of
(Al0.5Ga0.5)0.52In0.48P after which a 100 nm of AlInP was grown.
The layer sequence of AlInP/AlGaInP/GaInP/AlGaInP/AlInP was
used for insuring a good carrier confinement in the quantum
well region. The layer structure was finalized by a 50-nm-thick
Ga0.51In0.49P to prevent the sample surface from oxidation. Growth
rates used in the experiments were 0.5 mm/h, 1.2 mm/h, 2.0 mm/h,
and 1.0 mm/h for GaAs, AlInP, AlGaInP and GaInP, respectively. The
V/III BEP ratio was about 20 for all the phosphide layers. The
sample temperature was kept at 490 1C for the QWand at �500 1C
for the other phosphide layers. Growth temperature for GaAs was
580 1C. All four samples had nominally similar layer structure, but
different Tcr values of 750 1C, 820 1C, 870 1C, and 920 1C were used
during phosphide growth. The samples were grown during one
day so that Tcr was decreased from the first to the last sample.

The samples were examined using standard room temperature
photoluminescence (PL) to gain information about the effects of Tcr on
the optical activity of the GaInP QWs. PL measurements were done
using a commercial RPM2000 photoluminescence mapping tool.
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Secondary-ion mass spectrometry (SIMS) measurements were
done on GaInP/AlGaInP quantum well samples, as well as on
selected AlInP bulk samples to reveal differences in trace element
concentrations between the samples. SIMS measurements were
done using VG Ionex IX-70S instrument. 12 keV Csþ and 5 keV O2

þ

ions were used as primary ions for generation of negative and
positive secondary ions. The primary ion currents were 100 nA
and 150 nA for Csþ and O2

þ ions, respectively. The sputtered areas
were 430 mm�570 mm for Csþ ions and 320 mm�420 mm for O2

þ .
Analyzed areas were 10% of the sputtered areas. Depth profiles of a
set of negative and positive secondary ions including the elements
of the host matrix, 12C� , 1H� , 18O� , and 11Bþ were recorded.

3. Experimental results and discussion

Room temperature PL measurements (Fig. 1a) revealed a
QW-related emission peak at �644 nm irrespective of the phos-
phorus cracking tube temperature. Another weak PL signal was
detected close to 850 nm due to GaAs buffer and n-GaAs substrate
layers. The QW PL peak intensity values were found to reduce
almost exponentially upon increasing Tcr (Fig. 1b). This behavior
indicates that there has to be a large number of defects generated
in the QW samples as a result of higher Tcr.

Earlier studies have pointed out that in some cases oxygen that is
present in the MBE growth may be the cause of inferior quality of
AlGaInP when grown at high Tcr [2–4,12]. The present results are
difficult to explain using the previous observations, e.g., the ones seen
in Ref. [3]. Previously, it was found that changing the Tcr from 800 to
900 1C would increase the oxygen concentration of GaInP bulk samples
about 1.5 times [3], which resulted in room temperature PL intensity
reduction to about 1/4 of the original value. However, for the present
samples, the PL intensities dropped almost two orders of magnitude
when Tcr was increased from 800 to 900 1C. Therefore, SIMS measure-
ments were done to find out whether the cause for the reduction of PL
was of the same origin as in the previous studies. The presence of other
unwanted elements wasmonitored as well. The SIMS depth profiles for
hydrogen, carbon, oxygen and boron were measured. The normalized
SIMS signal of hydrogen, carbon, oxygen and boron measured in
different parts of the structures are shown in Fig. 2a and b.

The SIMS measurements show that the amount of oxygen
increases upon increasing Tcr up to 820–870 1C, above which, oxygen
concentration decreases in all the layers. The SIMS signal can be
considered to be proportional to the oxygen concentration and this
means that there is �4–5 times increase in the amount of oxygen in
the QW samples when Tcr is increased from 750 1C to 820 1C. The
observation is well in line with oxygen concentrations measured in [3]

but in clear contrast with the present PL results. The amount of oxygen
even starts to decrease when Tcr is increased above 870 1C. Therefore,
the conclusion is that oxygen contamination alone cannot explain the
drastic reduction of PL in the GaInP/AlGaInP QWs grown at higher Tcr.
The SIMS profiles of hydrogen and carbon are very similar in all the
measured samples with not any clear trends, and thus they cannot be
regarded as the cause for the reduced PL intensity.

SIMS profiles were also measured for boron (Fig. 3a). The
profiles reveal that there are substantial differences in the amount
of boron between the samples and between different layers. The
samples exhibit a clear accumulation of boron at the bottom
AlGaInP/AlInP interface and top GaInP/AlInP interface. Also, a
slightly smaller accumulation of boron is observed at the top
AlInP/AlGaInP interface, and furthermore, the concentration of
boron away from the interfaces shows a decaying profile. The
amount of boron is also found to drastically increase with Tcr.

The SIMS signal of boron, i.e., the amount of boron, in almost all
locations of GaInP/AlGaInP QW samples, appears to be strongly
dependent on the cracking cell temperature and increases almost
exponentially when Tcr is increased. The only one exception is the
top GaInP which seems to have drastically reduced incorporation of
boron even with the highest Tcr. This indicates that boron incor-
poration is enhanced in AlGaInP by the presence of aluminum.

The main question that arises from the above experimental
results is where the boron contamination is originating from.
Currently the exact cause for the boron contamination in these
samples is not known for sure but some probable reasons are
discussed shortly below.

The first one is that the origin of boron incorporation could be
related to contaminated phosphorus ingot. At higher Tcr the boron-
containing molecules entering the growth chamber together with
phosphorus molecules would be cracked or activated in the phosphorus
cracking zone more efficiently and therefore the boron incorporation to
the growing crystal would increase exponentially with Tcr.

The second option is that there exist boron-containing or
contaminated parts in the phosphorus source, either in the red
zone, white zone, or in the cracking zone. When heated boron
containing molecules could be evaporated or decomposed leading
to boron contamination. Although boron itself has a very low
vapor pressure at the temperatures used in the cracking zone,
boron could get there in the volatile oxidized form, e.g., B2O3,
which would have substantial vapor pressure at elevated tem-
peratures. Formation of B2O3 in the phosphorus source could take
place via a vacuum leak during operation of the source. Especially,
during white phosphorus conversion process the red zone is
heated to temperatures close to 400 1C, which could promote
formation of B2O3 especially if water vapor and oxygen were

Fig. 1. (a) PL spectra for GaInP/AlGaInP quantum wells grown with different Tcr. (b) PL intensity of GaInP/AlGaInP QW samples grown with different phosphorus cracking
zone temperatures.
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present in the system. There is also a possibility that P4O6

contamination of phosphorus source described earlier by Hoke
and Lemonias [13] could lead to formation of phosphoric acid
which etches PBN when heated [14].

The third possible route for boron incorporation is related to
vacuum parts and materials used in the MBE system. For example,
some of the viewport glasses are made of borosilicate materials and it
has been found earlier that in silicon MBE it is possible to have boron
contamination of Si films if such vacuum viewports are used in the
system [10]. Even some older papers describing boron contamination
of Si in vacuum by a reaction between borosilicate glassware and
water vapor have been presented [11]. The boron contamination in
Ref. [11] was found to depend on the water vapor in the system and
B2O3-rich surface of the glassware. The contamination was even found
to be rather insensitive to the surface temperature of the glassware.

Unfortunately, it is impossible to confirm or rule out the first
option because the SIMS measurements were done long time after
the phosphorus ingot had been fully used and thus no phosphorus
ingot material was left for SIMS analysis. There is however, some
evidence that contamination of the red zone could be part of the
problem. The PL evolution data, shown in Fig. 3b, indicate that after
loading new phosphorus (point marked with B) the PL intensity
rapidly increases and settles to a level which, at the time was
acceptable but not top class, within one month. The increase of the
PL intensity could be related to natural recovery of the growth
chamber and the phosphorus source after opening. Also, additional
SIMS measurements (described in detail on the next page) done on
separate AlInP bulk layers point to the direction that phosphorus
flux was responsible for the elevated boron levels.

The third option is quite unlikely but there is also some evidence in
favor of that as well. The PL intensity of similar GaInP/AlGaInP samples

grown during a seven month time span was monitored and it was
found out that after one maintenance operation (marked with A in
Fig. 3b) the PL intensities started to increase almost exponentially from
one growth to another. This could indicate that the one major source
of contamination was removed from the MBE system and that the
system started to recover itself. The part that was removed from the
system was an old viewport window. If the viewport was the reason
for boron contamination, then most likely, other parts of the system
were still contaminated with boron-containing molecules even after
removing the window and the effects seen when Tcr was increased
could be due to heating the boron-contaminated areas of the system,
and thus, enabling further contamination of the films.

To clarify whether the boron contamination originated from the
vacuum system, additional SIMS measurements (Fig. 4) were done
on AlInP films grown in the same MBE system equipped with two
different phosphorus cracker sources; a new one and the old one
which had been chemically cleaned. The crackers were kept at
Tcr¼920 1C during both growths. Additionally, the old cracker source
did not have any shutter installed in the port, and therefore, any
boron originating directly from the old cracker tube or areas nearby
would have been seen also in the films grown using the new cracker.
The SIMS analysis indicated that the films grown using the new
cracker did not contain boron or boron concentrations were below
the detection limit. Instead, the samples grown using the chemically
cleaned cracker source exhibited a small but clearly elevated signal of
boron. This result also suggests that the source of boron contamina-
tion was not related to the vacuum parts and materials but to the
phosphorus flux coming from the cleaned old cracker source.

There exist very few published literature on the effects of boron in
AlGaInP. In one published work, it was shown that boron implanta-
tion induces a deep mid-gap level at 0.9–1.0 eV in GaInP [9]. This

Fig. 2. (a) The SIMS signals for hydrogen, carbon and oxygen in GaInP/AlGaInP QWs and in AlInP layers with different values of Tcr. (b) The normalized SIMS signal of 11Bþ

(SIMS signals of boron are normalized to the phosphorus signal in each sample) at different interface locations as a function of Tcr.

Fig. 3. (a) The SIMS profiles for Boron with different values of Tcr. Two measurements per sample were taken. The sample structure is drawn to the figure to show the
interfaces between the layers. (b) The evolution of PL intensities of GaInP/AlGaInP QWs over seven months of growths. System openings/maintenance points are marked
with A and B. All the QW samples had similar layer structure and Tcr was 920 1C except for the ones that are specifically mentioned. Altogether 185 III–V arsenide and
phosphide samples including bulk layers, QW samples and laser structures were grown during the seven months.
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deep level acts as a very efficient carrier compensation center. The PL
results obtained here could reflect a presence of a similar type of
defect that acts as an efficient recombination center. Interestingly, the
energy of the boron-generated mid-gap level is close to some of the
deep levels observed in GaInP materials that were grown with high
Tcr [3,12]. Unfortunately, in [3,12] boron was not measured and thus
direct comparison cannot be made. Also, because boron is an
isoelectronic impurity in AlGaInP, it should not as such generate
deep levels but boron could form complexes with other types of
defects which then could act as recombination centers. More detailed
studies on the characteristics and origin of the boron impurities
found in GaInP/AlGaInP heterostructures are currently underway.

4. Conclusions

We have studied the cause for phosphorus cracking tube
temperature dependent reduction of PL intensity in GaInP/AlGaInP

quantum well structures. The origin of the reduced PL intensity is
related to enhanced boron incorporation when higher cracking
tube temperatures are used during growth of AlGaInP layers. The
exact origin of the source of boron contamination remains cur-
rently unresolved and new research is needed to clarify the issue.
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Fig. 4. An additional SIMS measurement done on AlInP bulk samples grown using
different P-sources.
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a b s t r a c t

We investigated a high-quality novel AlInSb buffer layer to increase the electron mobility of an InSb
quantum well (QW) structure, which was grown on a (1 0 0) GaAs substrate by molecular beam epitaxy.
We achieved high electron mobility in the InSb QW structure using an Al0.25In0.75Sb/Al0.15In0.85Sb
stepped buffer layer and realized reduced compressive strain and improved surface roughness. In
addition, we investigated the dependence of the Al0.25In0.75Sb layer thickness in the Al0.25In0.75Sb/
Al0.15In0.85Sb stepped buffer layer on the electron mobility characteristics. We only obtained increased
electron mobility using the Al0.25In0.75Sb layer within a critical thickness range.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

High electron mobility transistors (HEMTs) belonging to the III–V
group are the most promising devices that can operate in the
millimeter- and sub-millimeter-wave frequency ranges. So far, these
devices have been improved by size scaling and channel engineering
to increase electron velocity using indium-rich channel. However,
progress in the cutoff frequency (fT) in the last 10 years has not been
so rapid: 562 GHz in 2002 using an In0.7Ga0.3As channel layer with
gate length (Lg) of 25 nm [1], 688 GHz in 2011 using an In0.7Ga0.3As
channel layer with Lg of 40 nm [2], and 710 GHz in 2013 using an
In0.7Ga0.3As/InAs/In0.7Ga0.3As channel layer with Lg of 60 nm [3].
Meanwhile, InSb has the highest electron mobility in the III–V group
compound semiconductors. Therefore, HEMTs that use InSb for the
channel is expected to be the next-generation ultrafast low-power-
consumption devices [4,5]. However, the performance of InSb
HEMTs remains in the early stages yet, e.g., the record for fT in
2005 was 340 GHz with Lg of 85 nm [6], because of the absence of a
reliable technique for device process and the large lattice mismatch
(�14.6%) between the InSb and the GaAs substrate. Because of the
latter, the epitaxial growth of InSb-related materials has tend to
involve high-density threading dislocation and self-interface rough-
ness, which affect the transport characteristics of two-dimensional
electron gas in the InSb channel. High electron mobility has been
reported with the reduction of microtwin defects and threading
dislocation by introducing AlInSb/InSb strained-layer superlattice

using 21 off-axis GaAs(0 0 1) substrates and so on [7–10]. Another
reason is that the effective mass (m) of the InSb channel is increased
by the compressive strain from the AlInSb buffer layer [4,5]. In the
present study, we investigate a high-quality novel AlInSb buffer layer
to increase the electron mobility of the InSb channel. We show that
the electron mobility of an InSb quantum well (QW) structure is
increased using an Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer,
which reduces the compressive strain in the channel. In addition, we
investigate the dependence of the Al0.25In0.75Sb layer thickness in
the Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer on the electron
mobility. The increase in electron mobility is only observed when
using the Al0.25In0.75Sb layer within a critical thickness range.

2. Experiment

The samples were grown on a (1 0 0) semi-insulating GaAs
substrate by molecular beam epitaxy (MBE). Fig. 1 shows the
schematic structures of the InSb QW. Structure (a) has a 3-μm-
thick Al0.25In0.75Sb buffer layer on 250-nm-thick AlSb/3.5-nm-thick
low-temperature (LT) AlSb/15-nm-thick GaAs layers. Structure
(b) has a 50-nm-thick Al0.25In0.75Sb/3-μm-thick Al0.15In0.85Sb
stepped buffer layer on 250-nm-thick AlSb/3.5-nm-thick LT-AlSb/
15-nm-thick GaAs layers. Structures (a) and (b) have a 3-nm-thick
InSb cap layer, a 25-nm-thick Al0.25In0.75Sb barrier layer, a Te-sheet-
doped Al0.25In0.75Sb supply layer, a 5-nm-thick Al0.25In0.75Sb spacer
layer, and a 20-nm-thick InSb channel layer on the buffer layers. The
substrate temperatures (Ts) for LT-AlSb, AlSb, AlxIn1�xSb, and InSb
growths were 455, 530, 455, and 455 1C, respectively. The growth
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rates of the AlSb, Al0.15In0.85Sb, Al0.25In0.75Sb, and InSb layers were
277, 549, 587, and 413 μm/h, respectively. The substrates were
rotated at approximately 8 rpm during the MBE growth.

Table 1 shows the critical thickness (hc) of the InSb channel in
Structure (a), and the InSb channel layer and the Al0.25In0.75Sb
buffer layer in Structure (b), which are calculated on the basis of
the Matthew’s equation [11]. The parameters used in the calcula-
tion are also shown in Table 1. Here, we assume simply that the
Al0.25In0.75Sb buffer layer in Structure (a) and the Al0.15In0.85Sb
lower buffer layer in Structure (b) are lattice-relaxed completely.
These show that the 20-nm-thick InSb channel and the 50-nm-
thick Al0.25In0.75Sb buffer layers in Structure (b) are lattice-strained
and both those lattice constants parallel to the (1 0 0) plane
coincide with that of the Al0.15In0.85Sb buffer layer.

3. Results and discussion

Fig. 2 shows the relationship between m and strain ratio (ε//)
along the [0 0 1], [1 0 0], and [0 1 0] axes for the InSb layer, which is
calculated using the empirical pseudo-potential band calculation
with rigid-ion approximation [4,12]. Here we assume that the InSb
layer is on (1 0 0) substrate and its lattice constant parallel to the
(1 0 0) plane is the same as that of the substrate (as). Then the biaxial
strain is applied on the InSb layer by the substrate. ε// is defined as
ε//¼(a0�as)/as, where a0 is an original lattice constant without the
strain. The lattice constant perpendicular to the (1 0 0) plane is
calculated by the elastic theory [13]. We can see that the compressive
strain (ε//o0) yields a larger m and the tensile strain (ε//40) a
smaller m. In Structures (a) and (b), the compressive strains are
applied to the InSb-QW channel layers by the buffer layers, and m
then becomes larger. The thickness of the Al0.25In0.75Sb layer in
Structure (b) is within the critical thickness range. Then, ε// of the

InSb-QW channel layers are estimated roughly to be �1.3% and
�0.8% for Structures (a) and (b), respectively. Consequently, m in
Structure (b) is expected to be smaller than that in Structure (a).

Fig. 3 shows the (5 1 1) and (4 0 0) plane X-ray reciprocal space
maps (RSMs) of Structures (a) and (b). As shown in the (5 1 1) plane
X-ray RSM, the Qx value of the InSb channel layer almost coincides
with that of the Al0.25In0.75Sb buffer layer in Structure (a), and the Qx

value of the InSb channel layer almost coincides with those of the
Al0.15In0.85Sb and also Al0.25In0.75Sb buffer layers in Structure (b).
Meanwhile, the Qy value of the InSb channel layer in the (4 0 0)
plane X-ray RSM increases in Structure (b). From these results, we
estimate the ε// values of the InSb channel layers, which are �1.2 %
in Structure (a) and �0.9 % in Structure (b), respectively. Then, we
confirm that the strain in the InSb channel layer in Structure (b) is
reduced compared with that in Structure (a).

Fig. 4 shows the surface images of the InSb-QW structures where
Structure (a) is Al0.25In0.75Sb and Structure (b) is Al0.25In0.75Sb/
Al0.15In0.85Sb stepped buffer layers on the GaAs substrates, as
observed by an atomic force microscope (AFM) in 20 μm�20 μm
and 500 nm�500 nm scales. The root-mean-square (RMS) values of
the surface roughness of Structures (a) and (b) are 0.36 and 0.14 nm,
respectively. From these results, we also found that the surface
roughness of the InSb-QW structure is significantly improved using
the Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer. The effect of the
Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer on the dislocation
and defect densities will also be described elsewhere.

Fig. 5 shows the electron mobility (μ) and the sheet carrier
density (Ns) of the InSb-QW structures by Hall measurement. The μ
values at room temperature of Structures (a) and (b) are 11,200 and
16,500 cm2/(V s), respectively (an increase of 47%). Meanwhile, the Ns

values of Structures (a) and (b) are 1.1�1012 and 1.2�1012 cm�2,
respectively. These results suggest that the Al0.25In0.75Sb/Al0.15In0.85Sb

Fig. 1. Schematic structures of the InSb-QW with (a) Al0.25In0.75Sb buffer layer and
(b) Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer.

Table 1
Critical thickness (hc) of InSb channel layer in Structure (a) and InSb channel layer and Al0.25In0.75Sb buffer layer in Structure (b). Parameters used in the calculation are
also shown.

hc f b v A λ

Structure (a) InSb channel on A0.25In0.75Sb buffer layer 25 0.00804 4.5813 0.286 90 0
Structure (b) InSb channel on A0.25In0.75Sb/Al0.15In0.85Sb buffer layer 49 0.00481 4.5813 0.284 90 0

A0.25In0.75Sb layer on Al0.15In0.85Sb buffer layer 81 0.00320 4.5206 0.290 90 0

Fig. 2. Relationship between effective mass m and strain ratio ε//.
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stepped buffer layer is beneficial in increasing μ of the InSb-QW
structure. The Monte Carlo simulation shows that the μ of InSb layer
increases by about 10% as changing ε// from �1.3% to �0.8%, because
of the decrease in m [12]. Therefore, the increase in μ using the
Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer is thought to come
from the strain reduction and also the improvement of the crystalline
quality including the surface roughness.

Then, we investigate the dependence of the Al0.25In0.75Sb layer
thickness below the InSb-channel layer on the μ characteristic.
Fig. 6 shows the schematic sample structures. The Al0.25In0.75Sb
layer thickness below the InSb-channel layer are varied as 0, 20,
50, 100, and 200-nm thick, respectively, for Structures (c)–(g).

These samples have a 500-nm-thick Al0.15In0.85Sb layer, a 750-nm-
thick graded AlxIn1�xSb (x¼0.40-0.15) layer and a 500-nm-thick
Al0.40In0.60Sb layer below the Al0.25In0.75Sb layer.

Fig. 7 shows the (5 1 1) plane X-ray RSMs for Structures (c)–
(e) and (g). The Qx value of the InSb channel layer approaches from
the position of Al0.15In0.85Sb to Al0.25In0.75Sb as it transforms from
Structure (e) into Structure (g). Then, the Al0.25In0.75Sb layer is
obviously lattice-relaxed when its thickness is 200 nm.

Fig. 8 shows the surface images of the InSb-QW structures of
Structures (c)–(g) by AFM for 20 μm�20 μm and 500 nm�500 nm
scales. The RMS values of Structures (c)–(g) are 0.24, 0.15, 0.14, 0.35,
and 0.22 nm, respectively. Then, we confirm that the surface

Fig. 3. (5 1 1) and (4 0 0) plane X-ray RSM of Structures (a) and (b).
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roughness is improved using the Al0.25In0.75Sb layer within the
critical thickness range, such as in Structures (d) and (e).

Fig. 9 shows the μ and the Ns values of Structures (c)–(g) by
Hall measurement. The μ values of these structures are 14,482,
15,399, 15,333, 15,107, and 13,202 cm2/(V s), respectively. The
Ns values are 1.35�1012, 1.29�1012, 1.28�1012, 1.25�1012, and
1.19�1012 cm�2, respectively. We find that the μ and the Ns values
gradually decrease when the Al0.25In0.75Sb layer thickness exceeds
the critical thickness.

4. Summary and conclusions

We have demonstrated the increase in electron mobility of
the InSb QW structure on a (1 0 0) GaAs substrate using the
Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer. The Al0.25In0.75Sb/
Al0.15In0.85Sb stepped buffer layer has reduced the electron effective
mass in the InSb channel by reducing the compressive strain and has
improved the surface roughness. Consequently, the electron mobility
of the InSb QW structure improved from 11,200 to 16,500 cm2/(V s)
using the Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer. Additionally,

Fig. 4. AFM images of InSb-QW Structures (a) and (b). RMS values of the surface roughness for (a) 0.39 nm and (b) 0.14 nm.

Fig. 5. Electron mobility and sheet electron density of Structures (a) and (b).
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Fig. 7. (5 1 1) plane X-ray RSM of Structures (c)–(e) and (g).

Fig. 8. AFM images of InSb-QW Structures (c)–(g). RMS value of the surface roughness for (c) 0.24 nm, (d) 0.15 nm, (e) 0.14 nm, (f) 0.35 nm, and (g) 0.22 nm.

Fig. 6. Schematic structures of InSb-QWwith (c) 0-nm, (d) 20-nm, (e) 50-nm, (f) 100-nm, and (g) 200-nm-thick Al0.25In0.75Sb/500-nm-thick Al0.15In0.85Sb stepped buffer layers.
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we found that the thickness of the Al0.25In0.75Sb layer in the
Al0.25In0.75Sb/Al0.15In0.85Sb stepped buffer layer is crucial for high

electron mobility, i.e., the electron mobility and sheet carrier density
gradually decrease when the thickness of the Al0.25In0.75Sb layer
exceeds the critical thickness. In conclusion, a well-designed Al0.25
In0.75Sb/Al0.15In0.85Sb stepped buffer layer will be useful in increasing
the electron mobility of InSb-QW structures.
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a b s t r a c t

Modulation doped metamorphic In0.75Ga0.25As/In0.75Al0.25As quantum wells (QW) were grown on GaAs
substrates by molecular beam epitaxy (MBE) with step-graded buffer layers. The electron mobility of the
QWs has been improved by varying the MBE growth conditions, including substrate temperature,
arsenic over pressure and modulation doping level. By applying a bias voltage to SiO2 insulated gates, the
electron density in the QW can be tuned from 1�1011 to 5.3�1011 cm�2. A peak mobility of
4.3�105 cm2V�1s�1 is obtained at 3.7�1011 cm�2 at 1.5 K before the onset of second subband
population. To understand the evolution of mobility, transport data is fitted to a model that takes into
account scattering from background impurities, modulation doping, alloy disorder and interface
roughness. According to the fits, scattering from background impurities is dominant while that from
alloy disorder becomes more significant at high carrier density.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

InxGa1�xAs/InxAl1�xAs quantum wells (QWs) are attractive
because of the low electron effective mass, large g-factor, large
Rashba spin–orbit coupling and highly transmissive metal–semi-
conductor interface at high indium composition compared to
GaAs/AlGaAs [1]. It also provides a way of varying these para-
meters by changing the composition of the indium.

However, when compared with its counterpart GaAs/AlGaAs, there
is a fundamental issue regarding growth. There is no lattice matched
substrate for growing InGaAs except for In0.53Ga0.47As/In0.52Al0.48As on
InP. Researchers have incorporated graded InGaAs or InAlAs layer to
grow high percentage InGaAs on InP or GaAs [2–4] and managed to
achieve control of dislocation propagation due to strain [2,4–6].
Virtually strain-free, defect-free layers can be achieved through the
use of step-graded buffer layers with compositional “overshoot” [5].
An electron mobility of 2.9�105 cm2 V�1 s�1 was obtained at 4.0�
1011 cm�2 [5].

Scattering mechanisms in relaxed and strained InGaAs/InAlAs
quantum wells have been studied by several researchers [1,2,7].
Their research has shown that scattering from background

impurities limits the mobility at lower carrier densities, scattering
from alloy disorder becomes more important at higher carrier
densities. Capotondi et al. [1] reduced the impact of alloy disorder
by inserting binary InAs into the quantum well. Understanding
how each scattering mechanism influences the total mobility is
crucial when attempting to further improve mobility in InGaAs
which could make the realisation of spin and/or Josephson FETs
possible [8,9].

In this paper, we present a transport study on a series of wafers
grown under different conditions with nominally the same layer
structure to investigate the difference in mobility. AFM (Atomic
Force Microscope) images of the free surface are used to provide
supplementary information of the surface or interface morphol-
ogy. The transport measurements were performed at 1.5 K. The
mobility fits were using the theory provided by Gold [10]. This
work aims to understand the influence of different scattering
mechanisms and therefore, make possible suggestions for further
improvements to the layer structure or growth conditions.

2. Experiment

The quantum wells studied in this paper were grown by solid-
source molecular beam epitaxy (MBE) using a Veeco Gen III system on
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3 inch semi-insulating (001) GaAs substrates that are indium-free
mounted. A schematic layer structure adapted from [5,11,12] is shown
in Fig. 1. Arsenic dimers (As2) rather than arsenic tetramers (As4) are
used to try and reduce antisite defects at the low growth temperatures
used (330–420 1C) [13]. Three growth parameters, substrate tempera-
ture (TB), arsenic over pressure (PAs2 ) and Si modulation doping level
(NSi) were adjusted to improve the electron mobility in this structure.
TB was measured using a kSA BandiT system [14] and where possible
also with an optical pyrometer. TB was set at the start of the graded
buffer layer growth and not intentionally further altered during the
growth. Growth temperatures quoted throughout this work refer to
those measured by BandiT unless specified.

After oxide removal and degassing, the GaAs/AlAs/GaAs buffer
was grown at 580 1C. Then the substrate temperature is ramped
down over a period of 20 min before growing the step-graded
buffer (SGB) layer. The step-graded buffer layer was grown at six
different starting substrate temperatures: 416 1C, 390 1C, 360 1C,
341 1C, 331 1C and 337 1C. The first growth temperature was
chosen according to Simmonds' study [12] where the growth
temperature for devices grown on InP substrates was optimised.
The quantum wells are grown at slightly higher substrate tem-
peratures as the substrate becomes more absorbing during
growth. To alter the indium composition in the structure, the
aluminium cell temperature is ramped downwhile the indium cell
temperature is ramped up rapidly at the start of each layer in the
SGB sequence. To change the arsenic over pressure, the needle
valve in the arsenic cell was adjusted and the pressure is measured
by the beam flux gauge prior to growth. The nominal growth rate
is kept the same (around 1:0 μm=h) throughout the structure.
Growth was interrupted to stabilise the In cell to grow the 75%
InAlAs buffer. This interruption introduces the possibility of
impurity accumulation [12], therefore a further 250 nm InAlAs
layer is grown afterwards to separate the impurities from the
conduction channel. The first sample was grown undoped to
replicate the growth condition in [12], however it did not conduct
without illumination at 1.5 K. The remaining 5 wafers were then
modulation doped to ensure conductance in the dark. The mod-
ulation doping concentration is controlled by altering the Si cell
temperature. The major differences in growth conditions are
highlighted in Table 1.

The AFM images are taken with a Veeco Dimension 3000 SPM
(Scanning Probe Microscope) and Nanoworld pointprobe. The size of
the scanned area is 10� 10 μm2 which is large enough to be
representative of the surface morphology. High Electron Mobility
Transistors (HEMTs) were fabricated using standard wet chemical
etching. AuGeNi alloy was used for Ohmic contacts, PECVD Silicon
dioxide (100 nm) for insulator and thin NiCr (20 nm) for transparent

gate. The chips were taken from the same position on each wafer.
Shubnikov–de Haas oscillations and Hall effect are measured at 1.5 K
to obtain electron density and mobility.

3. Result and discussion

3.1. AFM

The morphology of the free surface is studied as an indirect
reference to the buried In0.75Al0.25As/In0.75Ga0.25As interface, since
we assume that the lattice is fully relaxed according to [11] and the
surface undulation results from the misfit dislocation network
buried in the buffer layer [5]. The digitisation lateral step size of
the following images is 20 nm.

As seen in Fig. 2, the surface grown at the highest temperature
Fig. 2a has the roughest morphology with long 3D islands due to
the tensile strain during crystal growth [15]. When the tempera-
ture is decreased from 416 1C to 390 1C the size of the islands
reduces, with a further decrease of the growth temperature, the
islands become less visible but more aligned. The surface begins to
show the well-known cross-hatched pattern. A change from 3D
growth mode (Fig. 2a and b) to 2D growth mode (Fig. 2c–f) and a
corresponding reduction, by a factor of 3, of the RMS value can be
seen when the growth temperature is decreased. This is because
the surface diffusion length is reduced and therefore the layer-by-
layer growth regime is extended [15].

The surface morphology is clearly anisotropic. The islands seen
in 2a and 2b are elongated along ½110�. There are striations aligned
to ½110� in other samples. The period of surface oscillation appears
to be crystallographic direction dependent. This difference in
surface undulation was also observed previously [5,16,17].

3.2. Transport

Fig. 3 shows the electron mobility (μ) as a function of electron
density (n2d) for In0.75Ga0.25As quantum wells. Electron density
was varied by applying a gate voltage from the beginning of 2DEG
depletion to the saturation of electron density. In Ref. [12], the
growth at 410 1C showed the highest mobility. In the present set of
wafers, sample grown at a similar temperature (W0401 at 416 1C)
did not conduct without illumination. The mobility of W0401
(416 1C) is only comparable with the crystal grown at 470 1C
(Fig. 3 in [12]) but with slightly higher carrier densities. Extra
carriers in W0401 could come from unintentional dopants from
the thicker buffer layer compared with InGaAs QWs grown on the
InP substrate [12]. The growth temperature at the quantum well
region in W0401 is 470 1C which is a comparable growth tem-
perature in [12]. Therefore, the two samples have similar mobility
although based on different substrates.

The fact that the surface morphology of wafer W0401 is rough
and does not conduct in the dark indicates that it has been grown
at a too high temperature. In order to improve the surface
morphology, the growth temperature was lowered to 391 1C when
growing the next wafer W0402. Modulation doping was

Fig. 1. Schematic layer structure of In0.75Ga0.25As/In0.75Al0.25As quantum wells.

Table 1
Growth detail.

Wafer no. W0401 W0402 W0413 W0414 W0435 W0436

TB (1C) 416 391 360 341 331 337
TP (1C) 470 462 437 431 428 429
PAs2 (�10�5 torr) 1.2 1.2 1.4 1.4 1.2 1.0
NSi (�1017 cm�3) 0 2.3 2.3 2.3 1.8 1.8

TB/TP: Substrate temperature measured by BandiT/Pyrometer at the start of SGB/
QW growth; PAs2 : As2 Beam Flux; NSi: Si Modulation Doping Level.
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implemented to make the wafer conduct in the dark. As shown in
Figs. 2 and 3, the surface morphology and the mobility of W0402
improved comparing with W0401, but it is not comparable with
that presented in [1]. The growth temperature was further
reduced to 360 1C and the arsenic over pressure was increased in
W0413 which lead to significant improvements in both morphol-
ogy and mobility. Although a further reduction in growth tem-
perature in W0414 (341 1C) did not improve surface morphology,
it did improve the mobility. High arsenic over pressure would
improve the surface morphology, however, it may introduce more
background impurities. Steps to improve the mobility were then
made by controlling the scattering from ionised impurities, redu-
cing the arsenic over pressure and the modulation doping level as
for W0435 while keeping the growth temperature at roughly the
same level (10 1C lower at the start of SGB and 3 1C lower at the
beginning of QW). The arsenic over pressure was further reduced
in W0436 while maintaining the growth temperature. The

mobility of W0435 and W0436 is similar over whole density
range except that W0436 shows a slightly higher peak mobility
around 4.3�105 cm2 V�1 s�1 at 3.7�1011 cm�2. Transport data
from W0436 will be discussed in more detail in the following
sections.

In all wafers, the μ increases monotonically with n2d to its peak
value; a decrease is seen in mobility above a critical density (nc) in
the four wafers the density of which reaches 3:4� 1011 cm�2. This
decrease was also observed by Capotondi in their undoped relaxed
structures [1] and Ramvall in their strained structures [7]; how-
ever, only two of the best mobility structures showed an increase
in mobility after the minimum mobility. This feature, due to the
second-subband population, is confirmed by multiple frequencies
in the Shubnikov–de Haas oscillation as shown in Fig. 4. Fast
Fourier transform performed at different carrier densities demon-
strates the evolution of the second subband. The electron density
in the first subband (F1 in Fig. 4) is constant while that inside the
second subband increases as the total density increases. No clear
beating effect is observed in the Shubnikov–de Haas effect nor
spin-splitting in the FFT. Therefore, the multiple frequencies in the
Shubnikov–de Haas effect are not due to the Rashba effect but due
to the second subband population [18].

Using a magnetic field modulation technique [19], the Rashba
coefficient (α) was measured to be 0.770.1�10�11 eV m inW0436
where peak splittings in the FFTs can be quantified. This corre-
sponds to an energy splitting of 1.6 meV at the Fermi energy. The
detailed measurement is not included in this work. The asymmetry
of the confining potential in the doped wafer does not enhance the
Rashba coefficient compared to the nominally undoped wafers
grown on InP in the authors' previous work [19]. Although modu-
lation doping changes quite dramatically the symmetry of the con-
fining potential, the spin-splitting in a quantumwell system is mai-
nly determined by the band offsets with the barrier material, not
the electric field in the z-direction [20].

There are three main scattering mechanisms operating in these
structures: ionised impurity scattering, alloy disorder scattering
(AD), and interface roughness scattering (IR) [21]. The ionised
impurity scattering can come from the background impurities (BG)
or the modulation doping (MD). An example fit is shown in Fig. 5

Fig. 2. 10� 10 μm2 AFM images show significant improvement in surface morphology when decreasing the growth temperature. The z-axis scale is adjusted to be 100 nm in
each image for comparison. The root mean square (RMS) roughness value, given in the caption, is averaged from 5 images taken from different positions on the wafer:
(a) 416 1C (14.25 nm); (b) 391 1C (14.19 nm); (c) 360 1C (4.68 nm); (d) 341 1C (5.33 nm); (e) 331 1C (4.98 nm); and (f) 337 1C (4.92 nm).

Fig. 3. Electron mobility as a function of electron density at 1.5 K.
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(left). There are some reports about charged dislocations acting as
scattering centres [6,16], however the mobility in these samples is
only 50,000 cm2 V�1s�1 at 3.6�1011 cm�2. Consequently,

scattering from charged dislocations is not considered in this
paper since a study on a similar structure has demonstrated a
defect-free conducting layer and the mobility in this work is
comparable with that of [1].

Single scattering mechanism fitting is done first to extract the
reasonable range of the parameters, the background impurity level
NB, the activated dopants level ND, the alloy disorder potential Vad,
the interface correlation length Λ and the average height of the
surface Δ. Vad will be the same for each wafer since the alloy
composition is identical among them. We assume that the dopant
activation rate is the same across this set of wafers. According to
[22], we assume that at the doping level in this paper, Si is fully
activated with an activation rate of 1. Scattering fromMD is not the
limiting scattering mechanism since the mobility limited by MD is
one magnitude larger (see Fig. 5). Therefore to simplify the fitting
procedure the data using only BG and AD was carried out
according to [1]. The extracted parameters are summarised in
Table 2. By assuming the scattering from interface roughness is not
significant, background impurity levels extracted from the fitting
are very sensitive to changes in growth temperature and arsenic
over pressure. One example fit is shown in Fig. 5 (right). As a
comparison, the fitting that considers all four scattering mechan-
isms is presented in the same diagram. R-squared value has been
calculated from 1.7�1011 cm�2 to 3.8�1011 cm�2 for these two
fittings, the value from the four-mechanism fitting is 0.9573 and
that from the two-mechanism fitting is 0.8386, therefore the four-
mechanism fitting is more representative of the experimental
data. Consequently, even though scattering from IR is not domi-
nant, it has a significant contribution to the total mobility.

The four-mechanism fitting is applied to the four high density
wafers. The results are shown in Fig. 6 and the parameters used

Fig. 4. (a) A representative longitudinal resistance measurement on W0436 shows
multiple frequencies in the Shubnikov–de Haas oscillations; the inset shows the
low field region in more detail; (b) Fast Fourier Transform results from Shubnikov–
de Haas oscillations at different densities by changing the gate voltage in
enhancement mode (F1 and F2 are the first and second subband). The legends
are carrier densities obtained from the Hall measurement slopes which agree well
with densities calculated from FFT.

Fig. 5. Left: fitting example of taking Interface Roughness (IR: Δ, Λ), Modulation Doping (MD: ND), Alloy Disorder (AD: Vad), and Background Impurity (BG: NB) scattering into
consideration; right: comparison of two fittings: one with four scattering mechanisms (R2¼0.9573) and the other with only two of them (BG and AD, R2¼0.8386).

Table 2
Fitting parameters only considering background impurities and alloy disorder.

Wafer no. Background impurity level Alloy disorder potential
NB (cm�3) Vad (eV)

W0401 (416 1C) 3.7�1016 0.2
W0402 (391 1C) 2.9�1016 0.2
W0413 (360 1C) 6.5�1015 0.2
W0414 (341 1C) 5.8�1015 0.2
W0435 (331 1C) 45:6� 1015 0.2

W0436 (337 1C) o5:6� 1015 0.2

C. Chen et al. / Journal of Crystal Growth 425 (2015) 70–75 73



are listed in Table 3. The average height is chosen to be a multiple
of the thickness of one monolayer. To be noted, the parameters for
interface roughness are not taken from the AFM information. Since
the lateral resolution of AFM is limited by both digitisation step
size and the tip size which are 20 nm and 10 nm in this study,
respectively. This is 2 orders larger than the lattice constant of
InGaAs. A good fit can be made to each set of data by adjusting the
background impurity level and the interface roughness. The
extracted alloy disorder potential is 0.3 eV which agrees with the
result, around 0.3 eV, reported by [7] for In0.75Ga0.25As however
smaller than the value (0.5 eV) reported by [5]. The extracted
background impurity level is of the order of 1015 cm�3. The fitted
data agrees well with the experimental data from around
1�1011 cm�2 to the point where the second subband populates.
At the low density end where neither fitting method applies, the
mobility is dominated by percolation which can only be fitted
using metal-insulator transition theory [23]. At the high density

end where the second-subband populates (see Fig. 4), the mobility
is limited by inter-subband scattering. The scattering from back-
ground impurities is dominating the whole density range, while
alloy disorder scattering becomes increasingly important as the
carrier density increases. To extract more accurate growth para-
meters, a further study has to be carried out to verify the
assumptions made in this work, eg. relaxation of the crystal during
growth.

It is interesting to see that all these wafers show anisotropy in
mobility. The measured mobility difference in both direction on

Fig. 6. Four mechanisms fitting of all four wafers, the fitting parameters are listed in Table 3. The straight line is a fit to the data.

Table 3
Fitting parameters used in Fig. 6.

Wafer no. MD BG AD IR

Nd (cm�3) NB (cm�3) Vad (eV) Λ (Å) Δ (Å)

W0413 (360 1C) 2.3 �1017 5.5 �1015 0.3 300 6

W0414 (341 1C) 2.3 �1017 4.8 �1015 0.3 300 6

W0435 (331 1C) 1.8 �1017 4.5 �1015 0.3 100 3

W0436 (337 1C) 1.8 �1017 4.9 �1015 0.3 12 3

MD: Modulation Doping; BG: Background Impurities; AD: Alloy Disorder; IR:
Interface Roughness.

Fig. 7. Anisotropy of mobility in two different crystallographic directions at 1.5 K
which is present at all gate voltages.
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W0436 is shown in Fig. 7. This had been observed by many
researchers [24,17,7]. This could result from a number of reasons
such as interface roughness, indium concentration modulation or
anisotropic ordering appeared in the structures. In this work, the
mobility anisotropy appears to follow the surface morphology
anisotropy: the higher mobility is along ½110� which has larger
undulation period. To verify the factors that account for this
phenomenon, a more detailed study is required.

4. Conclusion

The growth conditions for modulation doped In0.75Ga0.25As/
In0.75Al0.25As quantum wells on GaAs were studied. A sample
grown under 1.0�10�5 torr arsenic over pressure with
1.8�1017 cm�3 modulation doping at 337 1C has the highest
mobility. A peak mobility of 4.3�105 cm2 V�1 s�1 is obtained at
3.7�1011 cm�2 at 1.5 K with a gated structure. The SiO2 insulated
gates provides high reproducibility and low hysteresis from
depletion to C5�1011 cm�2. We have demonstrated a promising
fit to experimental data using Gold's model considering four
different scattering mechanisms, background impurities, modula-
tion doping, alloy disorder and interface roughness scattering. We
estimate the alloy disorder potential to be around 0.3 eV and the
background impurity level of the order of �1015 cm�3. This could
be used as a method to extract growth parameters [23] if the
growth conditions or the layered structure is designed in a
systematic way. Anisotropy in surface morphology and mobility
is observed in all wafers. The Rashba coefficient calculated in these
structures is similar to that in undoped structures. Although
modulation doping enhances the asymmetry across the quantum
well, the measured Rashba coefficient is insensitive to this con-
firming the theory presented in [20].
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a b s t r a c t

We investigated difference in the transport properties between Al0.1In0.9Sb/InSb and Al0.1In0.9Sb/InAs0.1Sb0.9
quantum wells (QWs). The resistivity of InSb QWs increases exponentially with decreasing temperature,
while that of InAs0.1Sb0.9 QWs is much lower than that of InSb QWs, showing low resistivity even at low
temperature. Energy band diagram calculations of InAsxSb1�x/Al0.1In0.9Sb quantum wells (QWs) revealed
that the bottom of the conduction band of the InAsxSb1�x well moves downward with increasing As
content x. The bottom of the InSb QWs lies above the Fermi level (EF), resulting in depletion of the QW,
while that in InAs0.1Sb0.9 QWs lies under EF at low temperature. These calculation results support the
experimental difference of the resistivity and sheet carrier density between two types of the QWs well.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Two-dimensional electron systems (2DES) using narrow-gap
semiconductors are important for high-speed devices, infrared dete-
ctors, highly sensitive magnetic sensors and spintronic applications
because of high electron mobility and large effective g-factor. Among
the binary narrow-gap III–V semiconductors, InSb has the smallest
band gap and the highest intrinsic mobility. When Sb atoms are
partially substituted by As atoms in InSb, InAsxSb1�x with xo0.7 has
a smaller band gap than InSb [1]. Hence, the InAsxSb1�x has a
possibility of overcoming a limit of III–V device performance in terms
of high speed and quantum effects because of small effective mass.
However, the lattice mismatch between InSb and GaAs which is the
widely used substrate for epitaxial growth of InSb and InAs is very
large (�14%). The defects at the interface due to the lattice mismatch
are known to cause the decrease of mobility [2,3]. In order to reduce
or eliminate the lattice mismatch, we used the QW structure with a
thick buffer layer and a cap layer of Al0.1In0.9Sb, which has a lattice
constant close to InSb and also with insulating property. The lattice
mismatch between Al0.1In0.9Sb and InSb is only about 0.5% [4], and
that between Al0.1In0.9Sb and InAs0.1Sb0.9 is achieved to 0% [5].
Therefore, we grew InSb quantum wells (QWs) of Al0.1In0.9Sb/InSb/
Al0.1In0.9Sb/GaAs substrate and InAs0.1Sb0.9 Qws of Al0.1In0.9Sb/

InAs0.1Sb0.9/Al0.1In0.9Sb/GaAs substrate by using MBE, and their tran-
sport properties under magnetic field and Hall sensor applications
were studied [4–12]. These QWs show the marked improvement of
transport properties compared with InSb thin films directly grown
on GaAs. On the other hand, we found a large difference in the
transport properties between the InSb and InAs0.1Sb0.9 QWs at very
low temperature. The sheet resistivity of InSb QWs is much larger
than that of InAs0.1Sb0.9 QWs, although the compositional difference
of these QWs is only 10% As substitution of Sb.

In this paper, we studied systematically the well-width depen-
dence of carrier density of InSb and InAs0.1Sb0.9 QWs sandwiched
by Al0.1In0.9Sb insulating layers grown on GaAs substrates by MBE.
Especially, the difference of transport properties of both QWs is
discussed in conjunction with their band diagrams. The band-
diagrams of these quantum wells were calculated. It was revealed
that the difference of low temperature transport properties must
be caused by the corresponding difference of band-diagram of
these QWs due to their composition.

2. Experimental procedures

The samples were grown by using MBE (V100 production scale
MBE system by VG Semicon). The sample structure is GaAs cap
(6.5 nm)/Al0.1In0.9Sb cap (50 nm)/InSb or InAs0.1Sb0.9 active layer
(LW)/Al0.1In0.9Sb buffer (700 nm)/GaAs (100) substrate, which is
shown in Fig. 1. The layer structure is the same except the active
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layer for both QW samples and barrier layer and cap layer are
fixed. The substrate is a semi-insulating GaAs and all layers are
undoped. The well width (LW) of the active layer is 15–100 nm.
The lattice mismatch at the hetero-interface between the barrier
and active layers is 0.5% for InSb QW and 0% for InAs0.1Sb0.9 QW.
The quantum well was achieved by optimizing the As4/Sb4 flux
ratio under the MBE growth. Hall effect was measured at room
temperature (RT), 77, and 4.2 K to estimate the carrier density. In
order to eliminate the persistent-photoconductive effect on a
sample, it was shielded from irradiation and kept in the dark at
room temperature (RT) at least overnight, after setting it on the
sample holder.

The band diagrams were calculated using a one-dimensional
Poisson–Schrödinger solver, called “nextnano” [13]. We assumed
in calculation that the surface state was pinned in middle of the
gap of the GaAs cap layer and GaAs substrate because of the Fermi
level pinning effect, and it did not take into account the strain of
the lattice. The GaAs substrate was undoped and the thickness was
set to 0.3 mm.

3. Results and discussions

The effect of lattice mismatch reduction is shown in Fig. 2,
where the electron mobility of the InSb QWs and InAsSb QWs at
77 K is plotted with respect to well width. The mobility of the
InAsSb QWs is much improved, compared with the InSb QWs.
Thus, the effect of lattice mismatch reduction is very large.

Fig. 3 shows the typical temperature dependence of sheet
resistivity of InSb and InAs0.1Sb0.9 QWs with a 70-nm-thick active
layer. The resistivity of InSb QWs increases remarkably with low-
ering temperature, while that of InAs0.1Sb0.9 QWs shows a small
increase below RT, but does not rise very much even at low
temperature. Additionally the resistivity of InAs0.1Sb0.9 QWs is much
smaller than that of InSb QWs for whole temperature range. Thus,
sheet resistivity of the two types of QWs is quite different in spite of
the little difference in As contents only by 0.1. Moreover, it cannot be

explained by the difference of the electron mobility at very low
temperature.

The LW dependence of the sheet carrier density is shown in Fig. 4.
The sheet carrier density at RT reduces with decreasing thickness for
both InSb and InAsSb QWs. However, it is clearly seen that the sheet
carrier density of the InSb QWs is smaller than that of the InAs0.1Sb0.9
QWs. On the other hand, at 77 K sheet carrier density of both QWs
does not show thickness dependence. The value of carrier density of
both QWs is almost comparable at 77 K. For InSb QWs, it is expected
that there are almost no intrinsic electrons in conduction band, and
electrons in conduction band must be of other origin which may
come from the defects from hetero-interface at InSb/AlInSb. At 4.2 K,
we cannot measure the sheet carrier density of the InSb QWs
because of the hopping transport. On the other hand, surprisingly,
the sheet carrier density of the InAsSb QWs at 4.2 K is almost same as
that of 77 K. This difference in sheet carrier density at 4.2 K is imp-
ortant and the problem is to be understood.

AlInSb 700 nm

AlInSb 50 nm

GaAs substrate (100)

GaAs cap layer 6.5 nm

InSb or InAsSb LW

Fig. 1. Sample structure of InSb and InAsxSb1�x quantum wells.
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In order to investigate this carrier density difference, we intended
to calculate the band diagrams of these QWs concerned with As
composition. Fig. 5 shows the energy band diagrams for InSb and
InAsSb QWs with respect to As content x; x¼0 (InSb QW), 0.1 (our
InAs0.1Sb0.9 QW), and 0.3. The barrier layer was Al0.1In0.9Sb, the LW of
the active layer was 50 nm, and the calculated temperature was 4 K.
The results clearly showed that InSb QW (x¼0) shows a type I QW
structure, and the bottom of the conduction band of InSb QWs is
above the Fermi level (EF). When intrinsic electrons are not excited at
low temperature, the well will be depleted. For InAs0.1Sb0.9 QW
(x¼0.1), the band diagram changes from type I to type II because of
increasing band offset between the active layer and barrier layer, and
the bottom of conduction band of the QW becomes under EF. There-
fore, the InAs0.1Sb0.9 QWs are not depleted even at very low temp-
erature. These results support the experimental results that the
carriers of the InAsSb QWs still remain at low temperature, and the
sheet carrier density at 4.2 K is almost the same as that at 77 K. Thus, it
clearly explains the difference of the resistivity and carrier density
between InSb and InAsSb QWs. Therefore, we concluded that the
carrier density difference comes from the difference in the band
diagram between the two kinds of QWs. These facts suggest us a
control method of the carrier density of the GaAs/InAsxSb1�x/
Al0.1In0.9Sb/GaAs (substrate) QW by varying the As content x, which
is different from doping method. Additionally, the calculation of band
diagram showed that the QW changes into the type III structure when
x¼0.3. Thus, the calculation of the band diagrams of the GaAs/
Al0.1In0.9Sb/InAsxSb1�x/Al0.1In0.9Sb/GaAs (substrate) QWs showed the
transfer from type I to type III via type II with increasing As content x.
The bottom of the conduction band of the QW becomes lower with
increasing x (addition of As to the QW layer), and finally, it lies under
Fermi level EF.

The temperature dependences of the calculated energy band
diagrams for the InSb and InAs0.1Sb0.9 QWs with thickness of
70 nm are shown in Fig. 6. For InSb, the band gap increases with
decreasing temperature, and then the bottom of the InSb well
gradually rises, but not so much. As a result, for InSb QW, bottom
of the conduction band is far from the Fermi level EF at very low

temperature, since intrinsic electrons are not excited and then the
well becomes depleted. This means that the resistivity of InSb QW
at very low temperature will be extremely a high value or diverges,
which corresponds to experimental result shown in Fig. 3. In
contrast, the bottom of the conduction band of the InAs0.1Sb0.9
QWs is under EF at all temperatures, which means that the
InAs0.1Sb0.9 QW is not depleted and sufficient conduction electrons
exist even at very low temperature. Therefore the sheet resistivity
of the InAs0.1Sb0.9 QWs remains small at very low temperature,
which is different from that of the InSb QWs. These results are
consistent with the experimental results.

4. Conclusion

In summary, transport properties of InSb and InAs0.1Sb0.9 QWs
were investigated covering a wide range of well width and the band
diagram of the GaAs (cap layer)/Al0.1In0.9Sb/InAsxSb1�x/Al0.1In0.9Sb/
GaAs (substrate) QW with x¼0–0.3 was calculated. The band
diagram calculation revealed the origin of the small sheet carrier
density and high resistivity of the InSb QWs. We found that the
bottom of the conduction band of the InSb QWs is above the Fermi
level, so that the well is depleted at low temperature. On the other
hand, the bottom of the conduction band of the InAs0.1Sb0.9 QWs is
under the Fermi level, and these QWs show low resistivity even at
low temperature. The results of this study will be useful for
designing InAsSb-based QW devices and applications.
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a b s t r a c t

InAs nanowires surrounded by AlxGa1�xSb shells exhibit a change in the band alignment from a broken
gap for pure GaSb shells to a staggered type II alignment for AlSb. These different band alignments make
InAs/AlxGa1�xSb core–shell nanowires ideal candidates for several applications such as TFETs and
passivated InAs nanowires. With increasing the Al content in the shell, the axial growth is simulta-
neously enhanced changing the morphological characteristics of the top region. Nonetheless, for Al
contents ranging from 0 to 100 % conformal overgrowth of the InAs nanowires was observed. AlGaSb
shells were found to have a uniform composition along the nanowire axis. High Al content shells require
an additional passivation with GaSb to prevent complete oxidation of the AlSb. Irrespective of the lattice
mismatch being 1.2% between InAs and AlSb, the shell growth was found to be coherent.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The combination of different semiconductor materials into low-
dimensional heterostructures offers new possibilities ranging from
fundamental physics [1] to devices being suitable for “More than
Moore”. For the latter, especially tunnel field effect transistors (TFETs)
are considered as ideal candidates since they allow a subthreshold
slope of less than 60mV/dec with a high on and low off current [2].
Here, TFETs make use of either a staggered or even a broken band
alignment. III–V semiconductors belonging to the 6.1 Å family (InAs,
GaSb and AlSb) cover the different types of band alignment [3] and are
therefore suitable materials for TFETs. Additionally, the low lattice
mismatch (r1.2%) results in low dislocation density or even coherent
growth. Taking such devices into the nanowire (NW) geometry should
even enhance the region of coherent growth due to improved strain
accommodation [4]. Applying classical Matthews–Blakeslee theory [5]
to InAs/GaSb and InAs/AlSb results in critical thicknesses of 20 nm and
10 nm, respectively.

While several NW-TFET devices based on the broken gap InAs/
GaSb system have been demonstrated [6,7], staggered InAs/AlGaSb
TFETs have been limited to planar structures [8,9]. However, Knoch
and Appenzeller [10] showed that the staggered band alignment with
an Al content of about 60% should result in the best performance.
Considering InAs NWs embedded in high Al content shells, the large
electron barrier of up to 1.35 eV can significantly enhance the electron
mobility due to reduced surface scattering [3,11,12]. Therefore, this in-
situ passivation of InAs NWs with an almost lattice matched shell is of
particular interest for high-mobility devices.

In this context, we present the growth, morphological and
structural analyses of InAs/AlxGa1�xSb core–shell NWs with Al
contents varying from 0 to 100% using molecular beam epitaxy.

2. Experimental details

Si (111) substrates were cleaned in hydrofluoric acid to remove
the native oxide and absorbents. A thin silicon oxide was subse-
quently prepared wet chemically by placing the samples for 60 s in
hydrogen peroxide. Hereafter, they were loaded into the molecular
beam epitaxy (MBE) system and degased at 200 1C and 400 1C in
the load lock and buffer chamber, respectively. After introduction
in the MBE chamber, additional outgasing at 600 1C takes place
and subsequently, the temperature was lowered to the growth
temperature of the InAs NWs being 490 1C. Vapor solid InAs NWs
were grown with an In rate of 0.035 mm/h and an As4 beam
equivalent pressure of 10�5 mbar for 1 h [13]. Hereafter, the
substrate temperature was decreased to 360 1C keeping the As
shutter open. After reaching this temperature, the As shutter was
closed and the Sb shutter was opened 2 min prior to the Ga and Al
shutters. The Sb flux was set to 7�10�7 mbar and the total flux of
the group III elements was kept constant at a planer growth rate of
0.1 mm/h. If not mentioned differently, the growth duration of the
shell was 60 min resulting in shell thicknesses of �20–25 nm.
These growth conditions have been previously determined to be
optimal for GaSb shells covering InAs NWs [14]. Considering
planar growth, the critical thickness according to Matthews–
Blakeslee is 20 nm for GaSb and decreases to 10 nm for AlSb.

The grown samples have been analyzed by scanning and
transmission electron microscopy (SEM and TEM). In the latter
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one, also energy dispersive x-ray spectroscopy (EDX), selective
area electron diffraction (SAED) and high angle annular dark field
(HAADF) have been used. High resolution TEM (HRTEM) images
were filtered by applying a mask to the fast Fourier transform
(FFT) maintaining solely the {111} lattice planes.

3. Results and discussion

Fig. 1 shows overview SEM micrographs of InAs/AlxGa1�xSb
core–shell NWs with x ranging from 0 to 1 in steps of 0.2. For all Al
contents, the NWs have uniform dimensions, no clustering is
observed. The only remarkable difference is found at the top of
the NWs. For pure GaSb shells, a platform develops at the top,
having a flat facet as well as a diameter expansion compared to the
rest of the NW. The InAs NW itself does not have this flat facet but
a rounded or tapered shape [14,15]. By increasing the Al content in
the shell, the platform slowly vanishes and the flat top facet
transforms into a rounded and faceted top similar to the pure InAs
NW. The transition from a flat to a tapered shell occurs roughly in
the region of 40–60% Al, however, it might also depend on the
growth time of the shell. The flat top facet for GaSb shells can be
attributed to a low growth rate of the {111}B facet compared to the
{110} and {211} facets, the diameter expansion to radial growth
occurring on zinc blende (ZB) GaSb inducing additional twins [14].
Contrary, when pure AlSb shells are grown, the growth rate of the
{111}B facet is higher than that of the {110} and {211} facets. In this
sense, using TEM micrographs the length of the axially grown
GaSb was measured to be � 0 nm while it increased to �50 nm,
�80 nm and �95 nm for x¼0.2, 0.6 and 1, respectively. Consider-
ing axial growth solely be caused by direct impingement, an
axially AlGaSb segment of 100 nm would be expected. Thus, the
presence of Al reduces the adatom mobility and therefore favors
the axial growth of AlxGa1�xSb.

The successful and homogenous incorporation of Al into the
shells was confirmed by EDX line scans, two exemplary scans are
shown in Fig. 2 together with bright field TEM images. Fig. 2a and
b is taken from a core–shell NW with a nominal content of 20% Al.
As can be seen, the Al signal in the EDX line scan is very weak, but

could be clearly identified in the spectra. The TEM image being
acquired from the o2114 zone axis shows very smooth surfaces
and interfaces. No evidence of phase separation or an inhomoge-
neous alloy is found. The thickness of the native oxide of the
Al0.2Ga0.8Sb shell is in the same range as that of pure GaSb shells,
i.e., 3–4 nm. However, an increase of the Al content in the shell to
60% significantly increases the thickness of the native oxide being
in the range of 8–10 nm (not shown). This is in fact a direct
evidence for the incorporation of a higher amount of Al which has
a stronger tendency for the formation of a native oxide layer.
Consequently, an additional thin GaSb cap layer was grown around
InAs/AlxGa1�xSb core–shell nanowires with Al contents above 20%.
Fig. 2c and d depicts the TEM micrograph and corresponding EDX
profile for an InAs/Al0.6Ga0.4Sb core–shell nanowire. As seen in the
TEM image, the native oxide thickness is again in the order of
�4 nm and a corresponding delayed onset of the Al signal in the
EDX profile is found. The Al/Ga is significantly higher than in
Fig. 2b, thus the amount of incorporated Al in the shell increased.
This not only proves that the thin GaSb shell prevents oxidation of
the underlying AlGaSb, it is also a first demonstration of a multiple
core–shell system based on arsenides and antimonides.

However, although the incorporation of Al into the shell is
proven, the actual composition of the AlGaSb shell might vary
along the growth axis. This can be caused by a temperature
gradient along the nanowire axis [16,17] or different adatom
diffusion lengths for Ga and Al. Consequently, EDX spectra were
acquired at different positions along the nanowire axis of a core–
shell nanowire with an Al0.6Ga0.4Sb shell. In order to compensate
for thickness variations and sample drift, the intensities of Ga and
Al were normalized to that one of Sb. The TEM micrograph, HAADF
image as well as the corresponding EDX profile displayed in Fig. 3
show a uniform shell thickness along the NW axis as well as a
relatively uniform composition. Slight variations should rather be
caused by the limited time used to acquire the spectra than by a
temperature gradient or differences in the adatom mobilities.

When pure AlSb shells are grown, the necessity of a GaSb cap
preventing oxidation becomes even more evident. A pure, nominally
20 nm thick AlSb shell oxidizes completely if not protected by a GaSb
cap. This can be clearly seen in the HAADF image in Fig. 4a with its

Fig. 1. SEM micrographs of InAs/AlxGa1�xSb core–shell NWs with Al contents of 0, 0.2, 0.4, 0.6, 0.8 and 1 in (a), (b), (c), (d), (e) and (f), respectively. All scale bars are 500 nm.
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superimposed EDX profile. As obvious, a strong signal corresponding
to oxygen is detected. The shell is entirely amorphous while the InAs
core is still crystalline (see Fig. 4b). Due to the addition of oxygen, the
thickness of the shell increases significantly to around �40 nm.
However, no peel-off of the shell is observed which makes it possible
to use the oxidized shell as a passivation or gate dielectric. By adding
an additional GaSb shell around the AlSb shell, the oxidation can be
circumvented. This can already be seen by the EDX profile shown in
Fig. 4c, being superimposed over a HAADF image. At the NW edges,
intensity peaks belonging to Ga and Oxygen can be seen, both having
similar extents. Hereafter, the Oxygen signal in the EDX spectra sinks
drastically, indicating only a thin oxide. The thickness of the GaSb cap
can be approximated both from the EDX profile as well as the HAADF
image (bright edges) to about 4–5 nm, being in agreement with a
growth time of 15 min and a planar growth rate of 100 nm/h,
considering also the NW and MBE geometry. The absence of an
oxidized AlSb shell is further evidenced by the TEM image depicted in
Fig. 4d. Clearly, the crystalline structure of the NWwith stacking faults
and twins continues from the core to the NW edge, with a thin native
oxide layer only. The contrast allows estimating the AlSb shell
thickness to be in the range of 25–30 nm, i.e., more than twice as
high as the critical thickness in planar systems. Due to the high density
of stacking faults and twins being present in vapor solid grown InAs
NWs, the analyses of misfit dislocations becomes difficult when NWs
are evaluated from the o1104 zone axis. By tilting the NWs into the
o2114 zone axis, contrast arising from stacking faults and twins
disappears. Nonetheless, misfit dislocation, i.e. extra or missing planes
in the o1114 direction, will still be visible [14]. Consequently, Fig. 4e
and f depicts HRTEM images from the o2 1 14 zone axis. The AlSb
shell thicknesses are about 10 and �25 nm, respectively, thus just the
critical thickness and above. For the 10 nm thick shell (Fig. 4e) the
contrast arising from the core and shell can clearly be seen, the
interface is smooth. A native oxide of about 4–5 nm is detected, which

is limited to the additional GaSb shell. As expected due to the low
lattice mismatch as well as small shell thickness, no misfit dislocations
are detected. However, even by increasing the shell thickness to
�25 nm, a thorough analysis of TEM images did not reveal any misfit
dislocations. Exemplarily, a HRTEM image is shown in Fig. 4f, the
interface from InAs to AlSb is marked by the white line. Also after long

Fig. 2. TEM micrographs acquired from the o2114 zone axis of (a) InAs/Al0.2Ga0.8Sb and (c) InAs/Al0.6Ga0.4Sb core–shell NWs. EDX profiles shown in (b) and
(d) demonstrate the incorporation of Al into the shell as well as a GaSb cap layer on the InAs/Al0.6Ga0.4Sb core–shell NW.

Fig. 3. (a) TEM image and (b) HAADF image of an InAs/Al0.6Ga0.4Sb core–shell NW,
(c) EDX profile taken along the NW axis with Ga and Al intensity normalized to the
Sb intensity. The EDX profile demonstrates a uniform shell composition along the
NW, the homogenous shell thickness can be seen in the HAADF image.
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shell growth times, the interface appears to be smooth, indicating only
a low temperature induced intermixing. In order to examine the
presence of misfit dislocations, HRTEM images were filtered using only
the {111} reflections in the FFTs. The FFT-filtered image of Fig. 4f
showing only the {111} planes is displayed in Fig. 4g. By following each
of the {111} planes from the InAs core into the AlSb shell and searching
for terminating planes, possible misfit dislocations can be identified.
Similar as in the image in Fig. 4e, no terminating planes and therefore
no misfit dislocations were found. Thus, coherent growth in a core–
shell NW system is achieved significantly exceeding the critical
thickness of planar structures. Similar as for InAs/GaSb core–shell
NWs [14], the critical thickness in NWs is at least twice as high as for
planar systems. Here it should be mentioned that this is even the case
for relatively thick NWs such as that one shown in Fig. 4c. There, the
InAs core has a diameter of about 175–200 nm. This further demon-
strates the excellent suitability of core–shell NWs of various dimen-
sions for the dislocation-free integration of lattice mismatched
material systems.

Although the second GaSb shell was used as a protection layer for
the AlSb only, a thicker GaSb shell might also provide a radial hole
gas, confined by the type I band alignment between GaSb and AlSb.

4. Conclusions

InAs/AlxGa1�xSb core–shell NWs with an Al content dependent
staggered or broken gap band alignment were successfully grown
by self-assisted MBE. The presented NW structures are potential
candidates for future TFETs and the in-situ passivation of InAs
NWs. For high Al content shells, an additional thin GaSb cap was
found to be crucial in order to prevent a strong oxidation of the
AlxGa1�xSb shell. A 4 nm thick GaSb shell limits the oxidation to
the GaSb, keeping the AlSb shell non-oxidized. Despite of the

maximal lattice mismatch of 1.2% between InAs and AlSb and shell
thicknesses of more than 20 nm, misfit dislocations have not been
detected making the 6.1 Å family ideal for NW devices.
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a b s t r a c t

The effects of doping with silicon (Si) AlGaAs layers grown by molecular beam epitaxy on GaAs (6 3 1)-
oriented substrates as a function of the arsenic pressure (PAs) is presented and compared with layers
grown on (1 0 0) oriented substrates. The surface texture of the AlGaAs (6 3 1) films is composed by
nanogrooves, whose dimensions depend on PAs. On the contrary, the MBE growth on the (1 0 0) plane
resulted on rough surfaces, without evidence of formation of terraces. Mobility and carrier density of
AlGaAs:Si layers grown on substrates (6 3 1) were studied as a function of PAs. The doping type
conversion from p-type to n-type as a function of the As pressure is corroborated for high index samples.
All the films grown on (1 0 0) exhibited silicon n-type doping. These observations were related with the
amphotericity of Si, where it acts as a donor impurity occupying Al or Ga-sites or as an acceptor when it
takes an As-site, depending on the competition that the Si atoms encounters with As for any of these
sites. The acceptor and donor lines close to the AlGaAs transition observed by photoluminescence
spectroscopy (PL) were affected by the incorporation of Si. When increasing PAs the energy of the main
PL peak is redshifted for n-type AlGaAs layers, but it is shifted back towards high energy once the
conduction type conversion takes place. X-ray diffraction patterns revealed high crystalline quality for
samples grown at the highest PAs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Recently nanotechnology is generating new technological devel-
opments and it is envisaged as the most powerful and promising
engine for the development of the society. In this emerging area,
nanostructured materials are investigated for applications in elec-
tronics, optoelectronic and electro-mechanical devices. For exam-
ple, semiconductor nanowires (NWRs) have emerged as one of the
most versatile building blocks for integration of nanoscale devices
with current technology. In addition, NWRs has been used for the
investigation of basic aspects of one-dimensional systems (1D) [1–
4]. In this direction, the growth of semiconductor materials on high-
index substrates is a very important subject since it has been proved
that, under suitable growth conditions, nanoscale step arrays and

nanogrooves can be self-assembled and later employed as tem-
plates for the synthesis of high quality semiconductor NWRs.
Recently, highly ordered nanoscale step arrays were obtained in
the homoepitaxial growth of GaAs on (6 3 1) oriented substrates [5],
opening opportunities to the self-assembling of 1D arrays. Never-
theless, for the further application of these 1D systems, several
challenges must be overcome. For example, the obtaining of n- and
p-type doped AlGaAs layers is an essential step for the application
of NWRs in optoelectronic devices. Si is known to be amphoteric
dopant in III–V compounds [6,7]. For example in GaAs, Si behaves as
donor or acceptor depending on the lattice site occupation: a Si
atom occupying an As (Ga) site acts like an acceptor (donor). In the
growth on high index substrates, the doping type strongly depends
on both, growth conditions and on the particular substrate orienta-
tion [6–11].

In this work the Si doping of AlGaAs layers grown on (6 3 1)-
oriented substrates as a function of the As4-beam equivalent
pressure (PAs) is studied. The electrical properties obtained by
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Hall effect measurements indicated the doping type conversion,
which occurs after experiencing high Si-doping compensation in
the layers. The optical properties, studied by photoluminescence
spectroscopy, are modified accordingly with the electrical char-
acteristics. PAs also affected the crystalline quality of both (6 3 1)
and (1 0 0) oriented samples as observed by X-ray diffraction
experiments.

2. Experimental

The samples were grown in a VG molecular beam epitaxy (MBE)
system on GaAs (6 3 1)A 70.11 semi-insulating commercially
available substrates. Before being loaded into the MBE system,
substrates were etched in a “Semico Clean” (Furuuchi Chemical
Corp., Japan) solution over the course of one hour and then were
loaded into the MBE preparation chamber and pre-degassed at
380 1C for 20 min. Once transferred to the growth chamber, the
oxide desorption process was carried out at 640 1C for 15 min under
As4 flux. A 100 nm-thick GaAs layer was grown as a buffer layer (BL)
at 660 1C and a growth rate of 0.3 mm/h. Once concluded the
deposition of the GaAs layer, the substrate temperature was set at
700 1C in order to continue with the deposition of 1 mm-thick Si-
doped AlGaAs layer, at the growth rate of 0.3 mm/h. The Si-effusion
cell temperature was chosen such that the target Si concentration
was 1�1018 cm�3 in (1 0 0) grown GaAs under normal growth
conditions. Finally a 2.4 nm thick undoped GaAs layer was grown at
700 1C in order to avoid the oxidation of the samples. The Ga and
Al-beam equivalent pressures were 2.7�10�7 and 1�10�7 mbar,
respectively. Different samples were prepared with the As4 over-
pressure (PAs), in the range of 0.5 to 4�10�5 mbar. The morphology
of the nanostructure was studied by Atomic Force Microscopy
(AFM) operated in contact mode. The Van der Pauw technique in
Hall measurements at room temperature was employed in order to
determine the doping type and mobility and the free carrier
concentration of these samples. 12 K photoluminescence (PL) spec-
troscopy was employed with the 442 nm line of a He–Cd laser.

3. Results and discussion

Fig. 1a–d shows the AFM images of the AlGaAs films grown at
0.5 and 1.9 �10�5 mbar. Wavy surfaces composed of nano-
channels oriented along the [�1 1 3] direction can be observed
when growing on the (6 3 1) orientation, Fig. 1a and b. On the
contrary, the growth on the (1 0 0) substrate orientation resulted
on rough but non-corrugated surfaces as observed in Fig. 1c and d.
Some holes are perceived for the growth on (1 0 0) at the lowest
PAs that might be related with the As desorption of the surface that
frequently occurs at high temperature. At higher As pressures from
1�10�5 to 1.9�10�5 mbar the roughness is increased, and by
increasing As pressure up to 4�10�5 the morphology of the
AlGaAs(1 0 0) films improves significantly. The root mean square
(rms) roughness from samples is plotted as a function of PAs in
Fig. 2a. It is observed that samples grown on the (1 0 0) presented
higher values of roughness, as compared to AlGaAs(6 3 1). Due to
the differences of atomic configuration of singular and high index
substrates, the surface free energy related to the atomic config-
uration and bonding structure, is expected to be different, and so
are the optimal growth conditions that can conduce to flat
surfaces. While for (1 0 0) the typical growth temperatures are
around the 600 1C [12], for (6 3 1) 700 1C are more explored. The
main reason for exploring such a high temperatures in the growth
on the (6 3 1) plane is related to the searching for nanoscale
corrugation or self-assembled surface faceting. The faceting is
driven by the minimization of the surface energy. The increase
in the length of the surface migration of adatoms by decreasing
the As /Ga flow rate is frequently observed. In the case of high
index substrates the spontaneous augmentation of the surface
migration length of the adatoms along a preferential direction
related to the anisotropic nature of the substrate promotes the
formation of highly ordered arrays [13]. At PAs¼0.5�10�5 mbar
the formation of nanoscale corrugation seems to be initiated as
observed in Fig. 1a, which presents tiny grooves, where the
average step-height corrugation is equal to 2 nm, and the terrace
width is close to 125 nm. At higher As pressure, PAs¼1.9�10�5 m-
bar, the corrugation becomes clear, the height of nanochanels

Fig. 1. AFM images of the AlGaAs layers grown on GaAs (6 3 1)A-orientes substrates at (a) PAsE0.5�10�5 mbar and (b) PAsE1.9�10�5 and grown on the GaAs(1 0 0)
substrates at (c) PAsE0.5�10�5 mbar and (d) PAsE1.9�10�5 mbar.
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increases up to 6.2 nm and the terrace width up to 500 nm, Fig. 1b.
A quantitative measure of the corrugation uniformity is provided
by the autocorrelation function analysis (ACF). In Fig. 2b the
autocorrelation length, ξx, which provides a quantitative length
parameter to distinguish between short- and long-range ordering
in the surface morphology [14], is plotted as a function of PAs. The
ξx of AlGaAs(1 0 0) films showed no clear dependence on the As
pressure corroborating the isotropic nature of this plane. On the
contrary, for the AlGaAs(6 3 1) layers, ξx measured along the
[�1 1 3] direction increases with PAs, in other words, the nanos-
cale corrugation gets straighter along [�1 1 3] and the dispersion
in the terrace width decreases. Similar dependence of surface
corrugation on PAs in the range from 2.2�10�6 to 4.5�10�6 Torr
has been observed for the homoepitaxial growth of GaAs(6 3 1)
[15]. It is worth to comment that the terrace width for the
nanoscale corrugation of GaAs was found to be 75 nm, for
PAs¼1.1�10�5 mbar and in contrast, for AlGaAs layers grown at
similar growth conditions the terrace width reaches the 500 nm;
six times larger. This flattening effect is attributed to the presence
of Al, whose alloys are frequently reported to smooth the growth
front [16].

Fig. 3 summarizes the electrical characterization of the samples
by room temperature Hall measurements. The free carriers concen-
tration of the AlGaAs(1 0 0) films was nearly independent of PAs,
close to 7�1016 cm-3, and all the samples are n-type. Different
behavior of both the free carriers density and type of doping was
observed for AlGaAs(6 3 1) films. Between PAs¼1.1�10�5 and
1.9�10�5 mbar the doping type conversion from p- to n-type took
place. The conversion of doping type implies highly compensated
samples related to the amphoteric nature of Si on high index
substrates, occupying both III- and V-sites in detriment of the
electrical properties [7–9,17–19]. Note that the samples grown close
to the PAs doping conversion exhibited low free carries concentration
as well as very low carriers mobility. For GaAs the amphoteric
behavior of Si has been related to the number of Si atoms SiIII (SiV)
substituting on the III (V) sublattice and the amount of V (III)

vacancies, XV (XIII), on the growth surface, through the equation [20]

ln
SiIII½ �
SiV½ � ¼ ln

XV

XIII
þ1:4� 103

Ts
ð1Þ

where Ts is the substrate temperature. It is clear that both, high
substrate temperature and low V/III ratio enhance Si incorporation on
As sites. Li et al. employed this equation in order to explain the
amphoteric behavior of Si in of GaAs and AlGaAs films grown on GaAs
(3 1 1) and in a wide variety of growth conditions. In our experiments
the substrate temperature was kept at Ts¼700 1C while PAs was
varied, and in complete agreement with Eq. (1) the for low V/III ratio,
Si predominantly incorporates in As sites. On the other hand,
depending on the substrate miss-orientation and face (A or B face,
referred to Ga or As terminated surface, respectively), the dangling
bond density and configuration changes, and with this, the probability
of getting or not As/Ga vacancies. For example in the A face, it has
been demonstrated that the boundary between n and p-type
decreases as the substrate angle increases away from (1 1 1)A [6].
The (6 3 1)A surface is 651 off from the (1 1 1), so the boundary at low
PAs of the n to p-type is expected, and indeed observed in Fig. 3.

Low-temperature PL measurements were carried out in order to
investigate the effects on the optical properties of doping conversion. In
Fig. 4 we show typical 12 K-PL spectra from AlGaAs layers grown on
(6 3 1) oriented substrates at PAs¼0.5�10�5 and 4�10�5mbar and on
the (1 0 0) singular plane. The PL spectra of the AlGaAs/GaAs(1 0 0) layers
exhibited four lines. The highest energy peak in Fig. 4a at 1.992 eV is
attributed to the band to band recombination (BB). The peak at 1.902 eV
is due to the donor-acceptor pair recombination (D,C), where the acceptor
is carbon in As-site (CAs) and the donor is likely to be Si in the Al/Ga site.
At 1.931 eV the donor to acceptor pair recombination (D,Si) involving the
Si acceptor is found. A broad transition located around 1.875 eV could be
tentatively attributed to the recombination of the VAs–SiGa complex [19].
The PL spectra of the samples AlGaAs(1 0 0) grown at higher PAs are very
similar. An apparent redshift is observed but, as observed in Fig. 4(b) for
PAs¼4�10�5, it is a consequence that the (D,Si) transition becomes
more intense than (D,C) as we increase PAs. Since the carrier density of
the AlGaAs(1 0 0) films did not vary significantly (Fig. 3), the PL changes
are explained as a consequence of an improvement of the crystal quality.
On the other hand, the main peak of the PL spectra of the AlGaAs(6 3 1)
films showed redshift as the As pressure was increased. When increasing
PAs, the energy of the PL-peak red-shifts in the p-type region, but it shifts
back towards high energy once the doping type conversion takes place,
which is in the n-type region. Similar shifts of the PL spectra have been
reported to occur during the carriers compensation for the growth on
(n 1 1)A substrates for n¼1,2, 3 [4,9,19,21]. In Fig. 4(c) it is observed that
the 12 K-PL spectra from AlGaAs layers grown on (6 3 1) oriented
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substrates at PAs¼0.5�10�5, p-type sample, can be fitted to the same
four lines that presented the PL spectra of the AlGaAs(1 0 0) films, plus an
additional broad line which is is associated to a Ga vacancy, VGa. The
doping conversion usually broadens the lineshape and more PL transi-
tions are involved, which explains the broad lineshape for
PAs¼0.5�10�5. The PL spectra of the AlGaAs film grown at
PAs¼4�10�5mbar, n-type, is principally composed of transitions related
to defect emissions. While for the p-type samples the peak close to
1.871 eV can be attributed to VAs related emissions [19], for n-type
samples it is more likely to be attributed to SiGa–VGa aitisite related
defects [22]. The presence of VGa transition, and the moderate slope of
the n-type region of the carriers concentration in dependence of PAs,
indicates that under these growth conditions, we are still close to the
doping convertion range, and in order to get higher carrier concentration
n- (p-) type samples we should further increase (decrease) the As beam
equivalent pressure during the growth of the AlGaAs films on GaAs
(6 3 1). All these observations resemble the doping of GaAs in high-index
directions, where the amphoteric nature of Si is corroborated [4,7–9,17–
19,21].

4. Conclusions

The doping type conversion of AlGaAs doped with Si was studied
as a function of the As4-beam equivalent pressure. For (6 3 1) oriented
samples at low PAs the Si is incorporated into As sites, acting as
acceptor and producing p-type AlGaAs layers. For a further increase in
PAs the Si is incorporated into Ga or Al sites, acting as donor and
producing n-type AlGaAs layers. It is important to remark that the n-
type (6 3 1) samples showed carriers concentration as high as that
obtained for those samples grown on the (1 0 0) substrates, besides of
sustaining nanoscale surface corrugation. Therefore, for the formation
of optoelectronic devices the subsequent growth of a thin AlGaAs layer
with lower Al content (i.e. lower bandgap) might conduce to the
assembling of semiconductor quantum wires (QWRs), and the latter
capping of the structure with a p-type AlGaAs layers can be easily

achieved by decreasing PAs. Concerning to the optical properties, the
redshift of the main peak of PL frequently observed for the growth on
non-singular high-index substrates and high intensity SiGa–VGa antisite
related defect emission was observed. It is important to comment that
high resolution X-ray diffraction of the films (not shown here)
exhibited higher crystal quality for those samples grown at high PAs.
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a b s t r a c t

InAs films were grown on GaAs substrates by molecular beam epitaxy (MBE) without or with different Bi
fluxes. The effect of Bi on the structural and electrical properties of the InAs films was studied. Atomic
Force Microscopy (AFM) measurement showed clear surface steps in all samples, indicating an over-flow
growth mode. A more uniform distribution and narrower spacing of the surface steps were observed
with increased Bi fluxes. Small area AFM scans showed reduced surface roughness with increased Bi
fluxes. Whereas from large area scans, reduced surface roughness was only observed in samples grown
under low Bi fluxes, and a deteriorated surface was obtained in the sample grown under the highest Bi
flux. Bi was not compositionally incorporated to the InAs films confirmed by X-ray diffraction (XRD) and
Second Ion Mass Spectroscopy (SIMS) measurements. The electron mobility of the InAs films, measured
at room temperature, decreased monotonically with increased Bi fluxes. This is correlated to the
Transmission Electron Microscopy (TEM) results in which increased threading dislocation (TD) densities
were shown with increased Bi fluxes. Therefore, Bi-mediated growth deteriorates the electron mobility
of the MBE-grown InAs films, whereas smoother surface can be obtained by applying low Bi fluxes.
Possible mechanisms were proposed to explain these phenomena.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The compound semiconductor InAs has a narrow band gap and a
small effective electron mass, which makes it an important material
in applications such as infrared detectors and high-speed electronics
[1–3]. In some cases, the device performance requires insulating
substrates. However, semi-insulating (SI) or high resistivity InAs or
GaSb substrates are difficult to produce due to their narrow band gap
nature. Hence, considerable effort has been devoted to grow InAs
films on GaAs and other commonly used substrates [4–13]. But the
large lattice mismatch between InAs and heterogeneous substrates
leads to numerous dislocations, thus growth of high quality InAs
films is challenging. Several methods were suggested to overcome
these problems such as a two-step growth method and the use of a
graded buffer layer [6–8]. Many studies using misoriented GaAs
substrates were also carried out to evaluate the microstructure and
development of defects in epitaxial InAs films [9,10]. On the other
hand, surfactants such as Te [11,12] and Bi [13,14] were used to
ameliorate the surface quality in such mismatched systems. It was
demonstrated that two-dimensional (2D) growth mode can be
obtained by adding Te before the InAs growth. Bi surfactant-
mediated growth of InAs films was carried out using metalorganic

vapor phase epitaxy (MOVPE), in which Bi flux leaded to a reduction
of full widths at half-maxima (FWHM) of the diffraction rocking
curves, a reduction of growth rate, a degraded surface morphology
and an enhancement of electron mobility [13,14]. However, there is
few report on Bi surfactant-mediated growth of InAs films by
molecular beam epitaxy (MBE).

In this paper, we study the effect of Bi on the structural and
electrical properties of InAs films grown on GaAs substrates by MBE.
InAs films were grown without or with different Bi fluxes. The
structural and electrical properties of the InAs films were character-
ized using cross-section Transmission Electron Microscopy (TEM),
high resolution X-ray diffraction (XRD), Second Ion Mass Spectro-
scopy (SIMS), Atomic Force Microscopy (AFM) and Hall Effect
measurements. It was found Bi-mediated growth could reduce
surface roughness of the InAs films in small scales. Whereas in large
scales, reduced surface roughness were only observed in samples
grown under low Bi fluxes, and a deteriorated surface was obtained
in the sample grown under the highest Bi flux. The electron mobility
of the InAs films decreased with increased Bi fluxes, which was
explained by increased threading dislocation (TD) densities observed
from the cross-section TEM measurements. All the samples have
shown identical InAs film thickness, indicating Bi flux does not
influence the growth rate. Possible mechanisms were proposed to
explain these phenomena.
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The paper is organized as follows. In the next section, the experi-
ment details of epitaxial growth and characterization methods are
described. Then the AFM, XRD, SIMS, Hall measurement, and TEM
results are presented, and the effects of Bi on the structural and
electrical properties of the InAs films are discussed. Finally, a short
summary is given.

1.1. Experiment

All the samples in this study were grown by a Riber C21 MBE
system. Four InAs films were grown on semi-insulating (100) GaAs
without or with different Bi fluxes. The growth rate of InAs was 1 mm/
h and all the samples were designed to be 1.5 mm thick. The growth
temperature and V/III ratio were set to be 510 1C and 15, respectively.

Sample A was grown without Bi flux as a reference sample. Samples
B–D were grown under different Bi fluxes. The Bi/As ratios in samples
B, C, and D were approximately 0.0005, 0.001 and 0.01 respectively.

AFM was employed in a tapping mode to study the surface
morphologies of the samples right after the growth. High resolution
XRD was performed in a Phillips X'Pert double crystal analyzer and
theω-2θ rocking-curves on the (115) diffraction plane were scanned.
SIMS measurements were carried out to verify whether Bi was
incorporated. Electrical properties of the InAs films were investigated
at room temperature with Hall Effect measurement using the Van
der Pauw configuration. Cross-section of the materials were char-
acterized using a TEM, Phillips CM200. The samples for the analysis
were prepared using the focused ion beam (FIB) equipment, FEI
Strata 235 Dual Beam.

Fig. 1. From left to right: 10�10 mm2 height, 10�10 mm2 amplitude, and 1�1 mm2 height AFM images of samples A–D.
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2. Results and discussions

Fig. 1 shows both 10�10 mm2 and 1�1 mm2 AFM scans of the four
samples. Both height and amplitude images are presented since the
amplitude image provides kinds of error signals and highlights the
changes in surface height, e.g. slopes and edges. The 1�1 mm2 scan
shows a closer look at the surfaces, but one should notice it could be
not representative since the surface morphology are non-uniform in a
large scale. The root mean square (RMS) roughness of samples A–D is
0.327 nm, 0.207 nm, 0.150 nm and 0.153 nm for a 1�1 mm2 scan area,
and 1.7 nm,1.45 nm,1.42 nm and 2.39 nm for a 10�10 mm2 scan area,
respectively. Therefore, the surfaces of the InAs films locally becomes
smoother as the increased Bi fluxes, whereas seen from the large scale
scans an increased surface roughness is obtained in sample D. As
shown in the 10�10 mm2 amplitude and the 1�1 mm2 height images,
surface steps are clearly observed in all the samples indicating an over-
flow growthmode, and these steps become smaller andmore uniform
with increased Bi fluxes.

The smoother surfaces in samples B and C are likely attributed
to the surfactant effect of Bi. Indeed Bi was not incorporated in all
the samples which was confirmed by High resolution XRD and
SIMS measurements. Fig. 2 shows (115) diffraction rocking curves
for the four samples, the position and shape of the InAs peaks are
almost identical for the four samples. Fig. 3 shows the SIMS results
of sample D. The signal of Bi in the InAs film is very low that
incorporation of Bi can be neglected. The long tail of the In/Ga

signal at the GaAs/InAs interface can be related to the SIMS
resolution, and/or the In–Ga inter-diffusion.

The major effect of surfactant on III–V semiconductors, as
Grandjean et al. suggested, was to reduce the surface free energy
by surfactant segregating on the surface, and thus altered the
growth mode to 2D growth [12]. There was another point of view
attributing the effects of surfactants on the surface diffusion, while
both enhanced and suppressed surface diffusion by the surfactant
effect were proposed to explain different experimental observa-
tions [15]. However, neither a suppressed nor an enhanced surface
diffusion can explain the non-monotonic change of the RMS
roughness with increased Bi fluxes observed in this work. For
sample A the deeper (darker) areas in the height image correspond
to wider-step areas in the amplitude images, see10�10 mm2 AFM
scans in Fig. 1. This correlation can also be found in sample B,
whereas the total darker (wider-step) regions in sample B are less
than that in sample A. A more uniform step distribution and a
narrower surface step spacing are shown in sample B, correspond-
ing to a smoother surface. In sample C, the deeper and wider-step
areas are partly correlated. And the surface step spacing of sample
C is similar to that of sample B, see 1�1 mm2 scans. In sample D
the surface step spacing becomes even more uniform and smaller,
the correlation between the deeper and wider-step areas disap-
pears. Compared these four samples, some ‘wedding-cake’ struc-
tures (spiral terraces) are observed on the surface of samples B, C,
and D but not on that of sample A, indicating some near-surface
screw dislocations introduced by Bi fluxes. Quite a few pits are
seen on the surface of sample C, and only a few pits are visible in
samples B and D.

The locally reduced RMS roughness in samples B–D, seen from
small area scans, can be attributed to a more uniform surface step
distribution and narrower surface step spacing. It has been reported
that surfactant alters the attachment kinetics of group III adatoms at
descending and ascending steps, modifies the step motions and
changes the surface morphology [16,17]. According to Schwoebel's
kinetics model of step motions, coalescence of steps or stabilization of
step spacing can occur as a consequence of assuming that captures
probability depends on the direction from which adatoms approach
the step [18,19]. By using this kinetics model, the observations in this
work can be explained: the additional Bi atoms at the growth front
reduce the Ehrlich–Schwoebel barrier and thus increase sticking
coefficient of adatoms at ‘up’ steps, hence an arbitrary initial distribu-
tion of step spacing tends toward a sequence of uniformly spaced
steps. The formation of pits on the surface of samples B, C, and D can
be attributed to a suppressed surface diffusion. Pit nucleation is
sensitive to the adatom concentration and elastic calculations have
shown that pits can relieve elastic energy more efficiently than islands
[20]. More stain relieved through pit nucleation results in less surface
undulation, explaining the smoothest surface observed in sample C.
The surface undulation observed in samples C and D, which is not
represented by the deeper–wider area correlation and thus is not
related to step coalescence, will be discussed together with Hall and
TEM measurement results.

Room temperature Hall Effect measurements were carried on the
four samples using the Van der Pauw configuration. Fig. 4 shows that
the electronmobility of the InAs films decreases as the Bi flux increases.
Sample A shows a mobility of 14,600 cm2/V s with a sheet density of
9.92�1012/cm2, while in sample D a mobility of 3500 cm2/V s with a
sheet density of 1.7�1015/cm2 was measured. The cross-section TEM
images of the four samples are shown in Fig. 5. The layer thicknes-
ses of the samples are identical, indicating Bi flux does not influence
the growth rate. However, increased TD densities are observed with
increased Bi fluxes, which explains the deteriorated electron mobility
due to the scattering effect [21]. Now the rough surface in sample D can
be explained by the high density TDs near the surface, since high strain
energy density near the dislocation core exerts a force inward toward

Fig. 2. The (115) XRD ω-2θ rocking curves of samples A–D.

Fig. 3. SIMS profile of sample D showing depth distribution of different elements.
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the material which must be balanced by the surface energy. Therefore,
the effect of Bi on the surface morphology of the InAs films is a
combined effect of surface step motions and the near-surface disloca-
tion density.

The reason for the TDs introduced by Bi fluxes can be explained by
interaction between Bi atoms and structural defects. It is well known
that TD density in a strained layer decreases with the layer thickness
and this can be explained by a reaction model [22]. The two reduction
reactions are annihilation, in which TDs with opposite Burgers vectors
meet, or fusion, in which two TDs react to form a single TD. Relative
motion between TDs is necessary to bring them within a reaction

distance. The inclined geometry of 601 mixed type TDs enables TDs to
move with film thickness and two TDs originating from two initially
far separated misfit dislocations may have chances to interact. How-
ever, it has been found that a dislocation in a crystal originally mobile
can become immobile when impurities precipitates on it [23–25]. The
interaction between the structural defects and individual impurity
atoms, due to the overlapping of their strain field, could result in an
impurity-rich region developed around an extended structural defects.
And the strength of immobilization of a dislocation due to the
impurity precipitation is determined not only by the amount of
impurity atoms accumulated on the dislocation, but also by the
morphology of precipitates developed on the dislocation. Though
the calculated Bi solubility in InAs was found to be as low as 0.025%
[26] and Bi incorporation was excluded by the XRD and SIMS
measurement, undetectable Bi atoms are probably trapped by struc-
tural defects during growth, e.g. vacancy trails associated with screw
and 601 dislocations [24]. The interaction between Bi atoms and
dislocations reduces the dislocation velocity, suppressing the disloca-
tion interaction and thus resulting in a high TD density.

3. Summary

We have grown a set of InAs film samples by MBE without or
with different Bi fluxes. The effect of Bi on the structural and
electrical properties of the InAs films was studied. XRD and the
SIMS measurements show that Bi was not compositionally incor-
porated. AFM measurements show clear surface steps in all the
samples, indicating an over-flow growth mode. Small area AFM
scans show reduced surface roughness with increased Bi fluxes.

Fig. 5. Cross-section TEM images of samples A–D.

Fig. 4. Electron mobility and sheet density of the samples as a function of Bi/As flux
ratio. The solid are for guiding eyes.
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Whereas from large area scans, reduced surface roughness was
only observed in the samples grown under low Bi fluxes, and a
deteriorated surface was obtained in the sample grown under the
largest Bi flux. The locally reduced surface roughness in the Bi-
mediated grown samples is attributed to a more uniformly spaced
surface steps, which was also observed from the AFM images. This
can be explained by Schwoebel's kinetics model of step motions,
where a stabilization of step spacing occurs as a consequence of Bi
modified step attachment kinetics. The electron mobility of the
InAs films, measured at room temperature, was monotonically
decreased with increased Bi fluxes. This is correlated to the TEM
results in which increased TD densities were observed with
increased Bi fluxes, which can be explained by interaction
between Bi atoms and structural defects. The interaction between
Bi atoms and e.g. 601 dislocations reduces the dislocation mobility
and chance to annihilate or fuse with another dislocation, thus
results in a high TD density in the InAs films. Therefore, the surface
of MBE-grown InAs films can be smoothed by applying low Bi
fluxes, at a cost of an increased TD density and a deteriorated
electron mobility. Further improvement in both surface morphol-
ogy and electron mobility could be achieved by periodically
opening the Bi flux.
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a b s t r a c t

The growth of Al0.85Ga0.15P on GaP using gas-source molecular-beam epitaxy is investigated using in situ high-
energy electron diffraction, high-resolution x-ray diffraction, atomic-force microscopy, and scanning electron
microscopy. Growth temperature and phosphorus flux were varied. The 1.0-μm AlGaP films were grow on a
GaP buffer layer and capped with GaP. The investigation indicates that a growth temperature of 490 1C and a
cracked PH3 flux of 2.7 sccm resulted in the best AlGaP quality, while maintaining very good GaP quality.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Photonic crystal cavities are optoelectronic devices that reduce
optical energy loss by confining light in a very small volume. Photonic
crystal cavities can be used in spectroscopic devices and can also be
incorporated into single-photon light emitters based on quantum
dots, nitrogen vacancies, or organic molecules [1–3]. For applications
in the range of visible wavelengths, photonic crystal cavities based
on GaAs and Si cannot be used because of their small band gaps.
Photonic crystal cavities with shorter wavelength transparency are
usually fabricated based on the GaN, SiN, and GaP systems. Difficult
fabrication process and the low refractive index are the problems of
GaN systems [4,5]. Low refractive index is also a disadvantage of SiN
which limits the quality (Q) factor of device [6]. GaP, on the other
hand, is a good candidate for short wavelengths photonic crystals due
to its large indirect band gap energy of 2.26 eV and high refractive
index in the range of 3.44–3.25 for the wavelengths between 555 and
700 nm [7]. Moreover, the quantum efficiency of the light emitters in
visible wavelengths can be increased by fabrication of the GaP
photonic crystal in coupling with InP or InGaAs quantum dots [8].
Recently fabrication of high quality photonic crystal cavities based on
GaP using a sacrificial layer of AlGaP has been reported [9–11]. The
high Q factor of the photonic crystal cavities is limited by the crystal
quality of GaP membrane that is, in turn, dependent on the AlGaP
sacrificial layer crystal quality. AlGaP, however, is a reactive material
which can be easily oxidized therefore to prevent the oxidation a thin
GaP layer grown on the AlGaP layer. Since the growth of the AlGaP
layer with minimum density of dislocation- and oval-defects and

minimum surface roughness is a difficult challenge, limiting the
quality of the GaP top layer that should be fabricated into a memb-
rane. The impact of the III/V ratio and growth temperature on surface
structure of GaP grown by MBE has been reported [12,13] as well
x-ray diffraction investigations of GaP/AlGaP heterostructures [14,15].
The impact of growth temperature and PH3 flux on the crystal
structure of AlGaP, however, has not been investigated. This work
investigates the relationship between the growth temperature and
PH3 flux and the crystal quality of AlGaP layer.

2. Experimental

The growth of AlGaP was made using a Riber 32P gas-source
molecular-beam epitaxy (GSMBE) system, using PH3 as the phos-
phorus source and solid Al and Ga sources. The PH3 was cracked at
850 1C by a low-pressure high-temperature cracker and its flux was
controlled by a flowmeter. The growth temperature was measured by
a thermocouple located directly behind the GaP substrate held by its
rim. Structural properties were characterized using in situ reflection
high-energy electron diffraction (RHEED), x-ray diffractometer, scan-
ning electron microscopy (SEM), and atomic force microscopic (AFM).

Samples were grown on one-side polished S-doped GaP (100)
substrates with thickness of 300 μm. Fig. 1 illustrates the grown
structures. Each sample consists of a 0.2-μm GaP buffer, 1.0-μm
Al0:85Ga0:15P, and a 80-nm GaP cap layer. The GaP layers were grown
at 1.1-μm/h and the AlGaP at 1.6-μm/h. The PH3 flux during the GaP
growth was in every case 1.9 sccm; the PH3 flux for the AlGaP growth
was 2.3 or 2.7 sccm according to Table 1 A constant growth tempera-
ture was used for each sample of 480, 490, or 500 1C, again as given in
Table 1. Note that we grew and characterized 17 AlGaP/GaP samples.
Therefore, our conclusion that the growth window is small for AlGaP
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layer is based on the results of RHEED, XRD, AFM, and SEM of all
grown samples. We chose, however, 5 samples with the defined
growth conditions in the paper as representative of our work.

Fig. 1. Scheme of structures. Al content for all samples was set to be 85%. GaP
buffer and cap layer were grown under 1.9 sccm PH3 while to grow AlGaP layer
different fluxes of 2.3 and 2.7 were used. Same growth temperature was applied
during the growth of GaP and AlGaP.

Table 1
Growth temperature and PH3 flux of the AlGaP layer for different samples.

Sample Growth T ( 1C) PH3 (sccm)

S1 480 2.3
S2 480 2.7
S3 490 2.7
S4 500 2.7
S5 500 2.3

Fig. 2. RHEED pattern images: (a) sharp lines of the 2� 4 reconstruction of GaP surface after oxide desorption at 580 1C, (b) GaP buffer layer of S1, (c) and (f) first MLs growth
of AlGaP layer of S1 and S3, (d) and (g) after the growth of AlGaP layer, (e) and (h) GaP cap layer of S1 and S3. It is notable that RHEED pattern of GaP buffer of S3 was as sharp
and streaky as the first MLs of AlGaP layer.

Fig. 3. X-ray measurement results for samples grown at different temperature and
under different PH3 flux. The sharper peak belongs to the GaP and the other peak is
related to Al0:85Ga0:15P layer.
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3. Results and discussions

We grew and characterized several GaP/GaP samples. AFM results
indicate that under PH3 flux of 1.9 sccm, the growth temperatures
higher than 520 1C is followed by the high surface roughness for the
epitaxial GaP layer on GaP substrate. Results show also that the growth
under a high PH3 flux of 2.7 sccm increases the roughness. Our results
indicate that the optimum conditions for GaP growth are a PH3 flux of
1.9 sccm and a growth temperatures of 490710 1C, so that in every
case the GaP was grown within this range.

The native oxide of the GaP substrate was removed by heating
the substrate to 580 1C under a PH3 over pressure and the RHEED
pattern of GaP substrate shows the sharp lines of 2�4 reconstruc-
tion after oxide desorption (Fig. 2a).

For all samples, the RHEED patterns of GaP buffer layers demon-
strate a very sharp and streaky pattern (Fig. 2b). Upon initiation of the
AlGaP growth, the samples grown using the lower PH3 flux (2.3 sccm)
showed a spotty RHEED pattern for the first monolayers (Fig. 2c) that
became better by the time the full 1:0 μm AlGaP layer was grown
(Fig. 2d). After overgrowth with the GaP cap layer, the RHEED was
again sharp (Fig. 2e). The RHEED from the AlGaP grown under the
higher PH3 flux (2.7 sccm), however, showed sharper and streakier
patterns for both AlGaP and GaP cap layers (Fig. 2f–h). It may be
associated to the better crystal quality of AlGaP layer grown under
higher PH3 flux which can also improve the crystal quality of the GaP
cap layer.

X-ray diffraction was measured using a Bede-QC1 diffractometer.
The spectra presented in Fig. 3 indicate that the full width at half
maximum (FWHM) of AlGaP peak strongly decreases with increase of
PH3 flux from 2.3 sccm (S1 and S5) to 2.7 sccm (S2, S3 and, S4) and
this suggests the reduction of the density of defects. For 2.3 sccm PH3

flux, however, FWHM of AlGaP peak decreases with the increase of
growth temperature from 480 1C (S1) to 500 1C (S5) while it changes
slightly with growth temperature under the higher PH3 flux (Table 2).
Density of dislocation defects can be calculated based on the Hirsch
model as

N¼ β2
=ð9b2Þ ð1Þ

where β is the FWHM of AlGaP peak in radian and b is the Burgers
vector in cm [16]. Calculated results show that for S1 and S2, N
decreases from 7:4� 108 to 0:1� 108 cm�2. These results may be
associated with the sharper RHEED patterns of AlGaP layer grown
under higher PH3 flux.

Since the GaP buffer and cap layers were grown at the optimum
growth temperatures and PH3 flux, therefore the structural quality of
the cap layer may be affected by the quality of AlGaP layer. Therefore
AFM and SEM measurements' results can be related to the structural
quality of AlGaP layer. The AFM measurements were done using a
Bruker Icon Dimension AFM operating in peak force mode and to

Table 2
Extracted result from the x-ray measurements of rocking curve.

Sample FWHM� 10�3 ðradÞ N � 108 ðcm�2)

S1 2.24 7.4
S2 0.38 0.1
S3 0.32 0.1
S4 0.34 0.1
S5 0.74 0.8

Fig. 4. AFM images of the grown samples at different temperatures. The PH3 flux was 1.9 sccm for the cap layer of all samples, while it was 2.3 sccm for S1 and S5 and
2.7 sccm for S2, S3 and, S4 for the AlGaP layer. All the AFM measurements were done on the 5� 5 μm scale.

Table 3
Extracted result from AFM and SEM measurements of different samples. The PH3

flux was 1.9 sccm for the cap layer of all samples, while it was 2.3 sccm for S1 and
S5 and 2.7 sccm for S2, S3 and, S4 for the AlGaP layer.

Sample rms
(nm)

AFM—oval
defect d
(μm)

AFM—oval defect
density �108

(cm�2)

SEM—oval
defect d
(μm)

SEM—oval defect
density
�108 (cm�2)

S1 14.8 0.287 12.8 0.33 7.6
S2 0.58 0.230 0.1 0.33 0.07
S3 0.48 No No No No
S4 1.03 No No 0.33 0.28
S5 3.78 0.285 2.0 0.33 4.0
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analyze the AFM results, we used the WSxM v5.0 [17]. Fig. 4 presents
the AFM images of the different samples on which their GaP cap layer
was grown under the optimized growth conditions but however the
results are different for them and this can be due to the AlGaP layers.
Using the AFM results we can find the optimum growth conditions for
the AlGaP layer which can cause the minimum surface roughness and
density of oval defects for the GaP cap layer.

AFM results indicate that the rise of the PH3 flux for the AlGaP
layer growth is followed by strong decrease of surface roughness
and density of oval defects for the GaP cap layer of S2 and S3 in
comparison with S5 (Table 3). This may be associated to the narro-
wing of x-ray peak of AlGaP. For samples with AlGaP layer grown
under higher PH3 flux, however, AFM measurements indicate that
decrease of the growth temperature causes the formation of the oval
defects. These results indicate the oval defects with density of 1:1�
107 cm�2 and size of 0:2370:05 μm for S2 and therefore the root
mean square (rms) of surface roughness of S2 (0.58 nm) is slightly
larger than S3 (0.48 nm). This result may be related to the slight
increase of the FWHM of AlGaP x-ray peak of S2 in comparison with
S3 (Table 2).

SEM measurements are consistent with the AFM results (Fig. 5).
We used a Jeol-6350 microscopy for SEM measurements and the
results do not show any oval defects for S3 while they indicate the
hole-shape oval defects with the average size of 0:3370:02 μm on
the surface of the GaP cap layers of other samples. According to
these measurements the density of defects strongly decreases
with the increase of the PH3 flux (Table 3).

It is possible that the 25% increase of the PH3 flux improves the
crystal quality by decreasing the surface mobility, resulting in
smoother surfaces. Under low PH3 flux, the probability of formation
of the 3D islands or agglomeration of group-III adatoms increases
[12,13,18]. The insufficient availability of P2 might be the reason for the
wide FWHM of x-ray peak and therefore high density of the disloca-
tion defects of the AlGaP layers grown under lower PH3 flux. The low
crystal quality of AlGaP layer can affect the crystal quality of the GaP
cap layer and therefore the high roughness and density of oval defects
of S4 and S5 may be associated to the high density of dislocation
defects. The AFM and SEM results, however, indicate that S3 has the
lowest surface roughness and density of oval defects. Therefore under
high PH3 flux, 490 1C is the optimum growth temperature. This may
be related to the better crystal quality of the AlGaP layer of S3 which is
confirmed by its less FWHM in comparison to S2 and S4. Increase of
growth temperature can be followed by less availability of P2 and
consequently increase of the diffusivity of group-III adatoms. Thus a
higher probability for the agglomeration of group-III adatoms
[12,13,18] can be predicted which results in the rise of the density of
dislocation defects and therefore wider FWHM for AlGaP layer.
However, for the growth temperature lower than 490 1C, the insuffi-
cient surface energy may be the reason of the formation of dislocation
defects [15]. The mobility reduction of group-III adatoms may be
related to the increase of the FWHM of AlGaP which can be followed
by the oval defects formation on the GaP cap layer for S2.

4. Conclusions

In summary, the x-ray results imply that the grown sample at
490 1C under 2.7 sccm PH3 flux (S3) has the minimum FWHM of
AlGaP layer and AFM and SEM measurements also show that the
GaP cap layer has the minimum density for both oval defects and
surface roughness. Density of defects and surface roughness rise
with PH3 flux reduction which may be due to the insufficient
availability of P2 and it can be the origin of higher probability for
formation of 3D islands of group III adatoms. Under high PH3 flux
(2.7 sccm), both increase and decrease of the growth temperatures
than 490 1C show the rise of FWHM of AlGaP and roughness of cap
layer. The growth temperatures below 490 1C might bring the
insufficient mobility of group-III adatoms due to the low surface
energy which may be the reason of the formation of defects while
above 490 1C less availability of P2 may cause the defects.
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a b s t r a c t

We grew low-temperature-grown (LTG) In0.45Ga0.55As on an InP substrate by molecular beam epitaxy at
a substrate temperature of 200–240 1C; it was characterized by high-resolution X-ray diffraction (XRD)
and Rutherford backscattering spectrometry (RBS). The XRD results indicated deterioration of crystalline
quality at a growth temperature between 200–220 1C, and a transformation of excess As in the crystal of
LTG In0.45Ga0.55As into As precipitates by thermal annealing. The RBS for LTG In0.45Ga0.55As grown at
220 1C indicated that the In atoms were located in interstitial sites along the [110] direction. The ratio of
the interstitial In atoms was estimated to be almost 40% of all In atoms in the LTG In0.45Ga0.55As, and this
ratio did not change abruptly after annealing to 550 1C.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Low-temperature-grown (LTG) GaAs-based III-V semiconductor
materials have been actively studied for photoconductive antennas
(PCAs) activated by femtosecond-regime optical pulses in terahertz
time-domain spectroscopy (THz-TDS). LTG GaAs has a relatively good
carrier mobility (�200 cm2/V s), an ultrashort carrier lifetime
(o1 ps), and large resistivity (�107Ω cm); therefore, the PCAs made
of LTG GaAs are well suited to generate and detect THz waves using
mode-locked Ti:sapphire lasers with wavelengths of approximately
0.8 μm. Recently, an attempt has been made to develop PCAs that can
be excited by femtosecond fiber lasers with wavelengths of approxi-
mately 1.5 μm [1–13]. Because fiber lasers are portable and stable,
using them to excite PCAs as a light source will allow less expensive
and more compact THz-TDS systems to be used. These systems have
attracted considerable attention because of their potential to become a
powerful tool in pharmaceutical and semiconductor testing and in
imaging, molecular spectroscopy, and other fields. Therefore, it is
imperative that we develop more practical THz-TDS systems.

To fabricate PCAs activated by fiber lasers, LTG-GaAs-based
semiconductor alloys with bandgaps that correspond to the 1.5
μm-region such as LTG-InGaAs [4,5,8,9], -GaNAsSb [11], and -GaAsBi
[12,13] have been used. However, endeavors for these LTG-narrow-
bandgap semiconductors have not been completely successful.
Although one of the authors (Y. K.) and other research groups
succeeded in observing THz-wave emission and detection using

LTG-InGaAs PCAs [4,5,8,9], the detailed fundamental properties and
optimized growth condition of LTG InGaAs are still unknown. The
high resistivity of LTG GaAs originates from the high density of
defects caused by excess As incorporated during low-temperature
growth as well as from the high density of As precipitates formed
after annealing [14]. Therefore, observation of excess As incorpora-
tion and As precipitates in LTG InGaAs has been performed by using
X-ray diffraction (XRD) measurement and cross-sectional transmis-
sion electron microscope (TEM) observation [15,16]. There is no
report for In atoms, however, in the LTG-InGaAs crystal, which can be
presumed to affect the fundamental properties of LTG InGaAs.

In this paper, we report on the crystal structure of LTG In0.45
Ga0.55As on an InP substrate, focusing on the lattice site of In atoms in
an LTG-In0.45Ga0.55As crystal as the first step in obtaining the
characteristics mentioned previously in achieving efficient PCAs with
LTG-GaAs-based semiconductors for THz-wave emission and detec-
tion. To reveal this crystal structure, XRD measurement and Ruther-
ford backscattering spectrometry (RBS) were performed.

2. Experiment

Using solid sources of In, Ga, and As, the LTG In0.45Ga0.55As samples
were grown on semi-insulating (001)-oriented InP substrates by
molecular beam epitaxy (MBE). We kept each flux almost constant
at 9.9�10�8, 6.9�10�8, and 1.7�10�5 Torr for In, Ga, and As, res-
pectively. Thermal flashing of the InP substrate was performed at a
substrate temperature (Tsub) of 500 1C to desorb native oxides of the
substrate, and then, the LTG-In0.45Ga0.55As layer was grown on an InP
substrate directly with a thickness of 2.0 μm at a Tsub of 200–240 1C.
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The LTG-In0.45Ga0.55As layer was doped with a Be concentration of
3.0�1018 cm�3 for a future fabrication of PCAs because Be doping has
been reported to reduce the residual carrier density and lifetime
through the compensation of donor states formed by the antisite As
[15,17–20]. After growth, the In content for an as-grown sample was
measured with electron probe microanalysis. The samples were then
annealed at 400 and 550 1C for 1 h in an H2 atmosphere with a cover
wafer of GaAs. The structural properties of the samples were cha-
racterized by using a high-resolution XRD machine (Rigaku ATX-E)
with a double-crystal diffractometer. A Ge(220) monochromator and
horizontal divergence slits selected Cu Kα1 radiation. The RBS mea-
surements were performed with a 1.4-mm-collimated beam of
2.0 MeV Heþ ions. We mounted the sample on a three-axis goni-
ometer in a vacuum chamber for precisely controlling the orientation
of the sample relative to the Heþ beam. The backscattered particles
were detected by ion implanted silicon charged particle detectors
placed at an angle of 1651 with respect to the direction of the inci-
dent beam.

3. High-resolution X-ray diffraction

Fig. 1 shows XRD spectra of LTG-In0.45Ga0.55As samples grown at a
Tsub of 200, 220, and 240 1C. Although we could see diffraction peaks
for samples grown at 220 and 240 1C, these observed peaks were
broad. We calculated ratio of the full width at half maximum of the
XRD peak of LTG-In0.45Ga0.55As layer to that of InP substrate, and it
turned out to be about 3.2 times larger in comparisonwith the case of
InxGa1-xAs with high crystalline quality reported in ref. [21]. These
results suggest that the crystalline quality of LTG In0.45Ga0.55As should
be low because of its low growth temperature and/or the lattice
mismatch of the relatively thick epitaxial layer. The sample grown at
200 1C exhibited no XRD peaks, indicating that it was relatively
amorphous, and that its crystalline quality drastically deteriorates at
a Tsub between 200 and 220 1C. Fig. 2 shows the XRD spectra of LTG-
In0.45Ga0.55As samples before and after annealing. Diffraction peaks of
the annealed samples shifted to a higher angle with increasing
annealing temperature. This result, which is similar to the case of
the LTG InxGa1-xAs lattice matched to the InP substrate [15], implies
that annealing caused a transformation of excess As in the crystal-
lization of LTG In0.45Ga0.55As into As precipitates. A future study
requires detailed observation of this transformation using a TEM.

4. Rutherford backscattering spectrometry

In order to reveal the crystal structure of the LTG In0.45Ga0.55As,
we focused on the sample grown at a Tsub of 220 1C because this

Tsub is the minimum temperature at which the sample showed an
XRD peak. Fig. 3, which indicates the components of In, Ga, and As,
shows random and aligned RBS spectra of as-grown LTG-In0.45

Ga0.55As at 220 1C. Since the signals from Ga and As cannot be
separated due to their similar atomic weight, they are marked as
GaþAs. In Fig. 3, the [110]-aligned signal is much higher than the
[100]-aligned signal, with a clear contrast between the random
and [100]-aligned signals. This result indicates that interstitial
constituent atoms are present in more numbers along the [110]
direction than along the [100] direction for the as-grown LTG
In0.45Ga0.55As. Fig. 4 shows the RBS angular scans of In signals for
the same as-grown and annealed LTG In0.45Ga0.55As as in Fig. 3.
In Fig. 4(a), dips are confirmed at a tile angle of 01 for both as-
grown and annealed samples when Heþ ions were irradiated
along the [100] direction. During irradiation of Heþ ions along the
[110] direction, as Fig. 4(b) shows, the tilt angles of dip differ from
01, and each angle of dips for as-grown, annealed at 400 1C and
550 1C are 0.791, 2.541, and 2.111, respectively. This result probably
reflects the lattice distortion of LTG-In0.45Ga0.55As layers to the InP
substrate. For the sample annealed at 400 1C, the dip is slightly
deeper than those of the others (Fig. 4(a)), and the dip shifts to the
highest angle (Fig. 4(b)). Although the cause for this phenomenon
is not clear so far, it can be presumed that the lattice distortion
of the LTG-In0.45Ga0.55As layer was affected first by thermal
treatment up to 400 1C. In addition, the depths of dip in the
irradiation of the Heþ ions along the [110] direction are shallower
than in the case of the [100] direction. Therefore, In atoms are
incorporated at interstitial sites into LTG In0.45Ga0.55As due to the
low-temperature growth, and more interstitial In atoms are

Fig. 1. XRD spectra of LTG In0.45Ga0.55As. The growth temperatures were (i) 240 1C,
(ii) 220 1C, and (iii) 200 1C.

Fig. 2. XRD spectra of as-grown and annealed LTG In0.45Ga0.55As. The annealing
temperatures were (i) 550 1C, (ii) 400 1C, and (iii) as-grown.

Fig. 3. RBS spectra of as-grown LTG In0.45Ga0.55As.
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lo-
cated in the crystal along the [110] direction than along the [100]
direction for both as-grown and annealed LTG In0.45Ga0.55As.

To estimate the ratio of substitutional In atoms R in the crystal
of LTG In0.45Ga0.55As, the results of the RBS angular scans were
applied to the following equation:

R¼ 1�χmin Inð Þ
1�χmin GaAsð Þ; ð1Þ

whereχmin Inð Þ and χmin GaAsð Þ are the minimum yields of In and
AsþGa scattering intensity, respectively [22,23]. The LTG-In0.45
Ga0.55As samples in this study did not include any GaAs and/or
InxGa1-xAs layers with high-crystalline quality and therefore, it was
difficult to separate the RBS signals of In and AsþGa clearly in these
samples. Therefore, we measured the RBS of a commercial semi-
insulating (001)-oriented GaAs substrate as a reference for high quality
crystal with zincblende structure, and applied the results toχmin GaAsð Þ
in eq. (1). Table 1 shows the estimated R of as-grown and annealed
LTG In0.45Ga0.55As, revealing that almost 60% of all In atoms incorpo-
rated into LTG In0.45Ga0.55As at 220 1C are substitutional. In other
words, 40% of the In atoms are located in interstitial sites, and the
amount of these interstitial In atoms does not change abruptly after
annealing to 550 1C.

5. Conclusions

LTG In0.45Ga0.55As was grown on an InP(001) substrate by MBE at a
Tsub of 200–240 1C. Although XRD peaks in LTG In0.45Ga0.55As grown at
220 1C were observed, there was no peak in the sample grown at
200 1C, suggesting that crystalline quality drastically deteriorated at a
Tsub between 200 and 220 1C. The XRD peak shifted to a higher angle
with increasing annealing temperature, which implies a transforma-
tion of excess As in the crystal of LTG In0.45Ga0.55As into As precipitates
by thermal treatment. The result of the RBS for LTG In0.45Ga0.55As at
220 1C indicated that more In atoms were located in interstitial sites
along the [110] direction than the [100] direction. The ratio of the
interstitial In atoms was estimated to be almost 40% of all In atoms in
LTG In0.45Ga0.55As, and this ratio did not change abruptly after
annealing to 550 1C.
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Table 1
Ratio of substitutional In atoms in the crystal of LTG In0.45Ga0.55As.

Sample [100] (%) [110] (%)

As-grown 89.2 60.0
Anneal 400 1C 91.3 58.8
Anneal 550 1C 78.6 56.5
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a b s t r a c t

The crystal quality of coupled double quantum wells (CDQWs) having different barrier structures was
investigated by evaluating optical properties and structural interface quality. Photoluminescence (PL)
spectra revealed that the CDQW samples with an AlAs/InAlAs combined barrier (CDQWCB) exhibited a
narrower PL emission peak than those with an AlAsSb barrier. CDQWCB also showed the best excitation
dependence of PL intensity. X-ray reflectivity (XRR) measurements revealed that better interface quality
was confirmed in CDQWCB. We conclude that CDQWCB has the best crystal quality among those
evaluated.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Intersubband transitions (ISBTs) in InGaAs-based material sys-
tems are attractive for ultra-high-speed all-optical signal proces-
sing for the optical communication wavelength of 1.55 μm [1]. We
have demonstrated InGaAs/AlAsSb-based coupled double quan-
tum wells (CDQWs) exhibiting optical absorption around 1.55 μm
due to ISBTs [2]. Using a waveguide device that consisted of
CDQWs, 172-Gbit/s optical time domain multiplex transmission
[3] and all-optical wavelength conversion [4] have been realized.
The functional capability of this waveguide device can be greatly
enhanced by integrating it with other optical devices such as laser
diodes, photodiodes, and electro-optic modulators. However, their
incorporation in an integrated optical device is problematic given
the presence of Sb because Sb is not a common material for the
optical devices operating at 1.55 μm [5]. To overcome this pro-
blem, we used an AlAs/InAlAs combined barrier (CBAlAs=InAlAs) to
replace the AlAsSb barrier, and demonstrated a clear optical
absorption at 1.55 μm due to ISBTs [5]. However, our previous
study has focused to realize 1.55 μm of ISBT, and thus, investiga-
tion is further required, that is crystal quality of CDQWs with
CBAlAs=InAlAs as well as their band structure. In the present study, the
crystal quality of the CDQWs with CBAlAs=InAlAs was investigated.

2. Experiment

Three different CDQW samples were prepared for this study:
CDQW samples with CBAlAs=InAlAs [5], an AlAsSb/Al(Ga)As/InGaAs-based

CDQW sample (prev. a) [6], and an AlAsSb/InGaAs-based CDQW
sample (prev. b) [2]. The sample structure was differed among the
samples. But, the growth condition for the molecular beam epitaxy
was same among the samples. Fig. 1 shows the samples used in this
study. Quantum well widths for the CDQW samples with CBAlAs=InAlAs

were 2.6, 2.8, and 3.0 nm. The samples were labeledW:2.6, W:2.8, and
W:3.0. Detailed information of all samples are described in Refs.
[5,6,2]. Prev. a and prev. b were chosen for comparison since they
used AlAsSb barriers with different interface structures between the
InGaAs well and AlAsSb barrier, and they operate at 1.55 μm [2,6]. The
prev. a structure contained an AlAs layer at the interface, while prev. b
structure did not. It was revealed that Sb atoms interdiffused between
layers [7]. However, the AlAs layer prevented the interdiffusion,
resulting in abrupt interfaces [8]. The CDQW samples used in this
study were undoped. Photoluminescence (PL) measurements were
performed to evaluate the crystal quality of the CDQW samples. PL
spectra were measured using a 514.5 nm Ar-ion excitation laser at
both 77 K and room temperature (RT), with an excitation power that
varied between 4mWand 120mW. X-ray reflectivity (XRR) spectra of
the CDQW samples were also taken using a high-resolution X-ray
diffractometer system. Because XRR measurements were performed
under glancing incidence, the same sample size (10 mm�5mm) was
utilized.

3. Results and discussion

Fig. 2 shows PL spectra for all samples at a measurement
temperature of 77 K; the peaks evident in the spectrum of prev. b
will be discussed further below. Note that the PL peak shifts to
lower energy as the well width is increased for the CDQW samples
with CBAlAs=InAlAs, an effect due to the quantized energy in the
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quantum wells. The band structure of lattice matched AlAsSb/
InGaAs on InP substrate was type-I with a large conduction band
offset of 1.6 eV [9]. InGaAs/InAlAs material system also showed
type-I band structure. Thus, the band structure for all investigated
samples was type-I. Prev. a and prev. b exhibited lower PL energies
than the CDQW samples with CBAlAs=InAlAs. According to our previous
study [10], interband transition energy (IBT) for the CDQW samples
was most likely attributed to the differences in indium content of
the InGaAs wells, where these samples used In0:8Ga0:2As (In 80%).
This is because the well width is almost same for obtaining same
ISBT energy. The full width at half maximum (FWHM) of the PL
spectra was found to vary considerably; FWHM values were 19, 22,
30, 24, and 98 meV for W:3.0, W:2.8, W:2.6, prev. a, and prev. b,
respectively. This variation arose from different conditions of inter-
face disorder among the samples. When PL linewidth enhancement
due to the interface disorder was discussed, wavefunction penetra-
tion over whole structure should be clarified. Using band parameter
for AlAsSb/InGaAs [10] and InAlAs/InGaAs, conduction band offset
between the barriers and the wells for all CDQW samples was
extremely high. As a result, wavefunction for ground subband was
well confined in InGaAs wells. The quantized energy fluctuations
arising from the interface disorder increase as the well width
decreases, resulting in wider FWHM of the PL spectra for the
CDQW samples having narrow well width. The well widths of prev.
a and prev. b were 3.0 nm and 2.65 nm, respectively, which were
almost the same as those of W:3.0 andW:2.6. The interface disorder
for the samples of W:x (x¼3.0, 2.8, and 2.6) was assumed to be
same, since they were grown under identical conditions, the only
difference being their well width. Using this assumption, we could
directly compare all investigated samples to each other and con-
cluded that the CDQW samples with CBAlAs=InAlAs and prev. b had the
best and the worst interface quality among all investigated samples,
respectively. An interesting similarity was found in X-ray diffraction
(XRD) measurements of the samples. The satellite peaks of the XRD
pattern were narrower for the CDQW samples with CBAlAs=InAlAs than
for the CDQW samples with AlAsSb barrier [5]. To verify the crystal
quality of the samples, the radiative phenomena of PL were
investigated by evaluating the excitation power dependence of
the PL peak intensity. This relation: PL peak intensity p (excitation
power density)β reveals that the PL emission is dominated by a
radiative process (β¼ 1) or a non-radiative process (β¼ 2) [11].
Fig. 3(a), (b), and (c) shows the excitation power dependence of the
PL spectra for W:3.0, prev. a, and prev. b, respectively. The excitation

power was varied between 3 mW and 120 mW. To evaluate the PL
peak intensity, it is necessary to identify the PL peak related to IBT
between the lowest quantized energies of conduction and valence
bands. PL peaks of W:3.0 and prev. a were easily revealed because
the PL spectra exhibited single peaks. It was difficult, however, to
identify the primary peak from the PL spectrum of prev. b. By fitting
the prev. b PL spectrum to a Gaussian function, at least three peaks
(P1, P2, and P3) could be distinguished, as shown in Fig. 3(c). The
peak positions for P1 and P2 exhibited excitation power depen-
dence, while that for P3 was constant for the same experimental
conditions. In our previous study [10], IBT energy of prev. b for RT
was investigated using photoreflectance measurements with theo-
retical calculations. When measurement temperature was changed,
IBT energy of CDQWs varied according to temperature dependence
of band gap energy for the well material. This is because band gap
energy exhibits the largest temperature dependence among band
parameters. By considering change of InGaAs band gap energy due
to temperature change using the Varshini relation [12], P3 peak of
prev. b was attributed to IBT and the other peaks (P1, P2) arose from
the interface-related states [13] originating from the interdiffusion
of Sb atoms between layers [7]. When Sb atoms were incorporated
into InGaAs well, quaternary InGaAsSb was formed at the interface.
This incorporation will lead to an upward shift in the conduction
band and valence band edges. As a result, the quaternary interface
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Fig. 1. Schematic structure of the coupled double quantum wells (CDQWs) used in this study. (a) CDQW samples with AlAs/InAlAs combined barrier (CDQWAlAs=InAlAs).
(b) AlAsSb/Al(Ga)As/InGaAs-based CDQW sample (prev. a). (c) AlAsSb/InGaAs-based CDQW sample (prev. b).
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Fig. 2. Photoluminescence spectra of the samples. These spectra were taken at 77 K
using 40 mW of a 514.5 nm laser. Sample captions of W:x (x¼3.0, 2.8, 2.6), prev. a,
and prev. b correspond to sample structures shown in Fig. 1(a), (b), and (c),
respectively.
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acted as additional quantum states for holes [13]. Table 1 shows β
values for W:3.0, prev. a, and prev. b, together with FWHM values of
PL spectra at 77 K. This sample dependence of β values clearly
indicates that W:3.0 exhibits the best radiative PL spectrum
performance among the evaluated samples, although the absolute
value of β was high. The FWHM values exhibit a sample depen-
dence similar to that of the β values. Because tendency of FWHM
linewidth and excitation power dependence was same for RT (not
shown), PL spectra for all CDQW samples at RT were not discussed
in this study.

To reveal interface quality of the CDQW samples, XRR measure-
ments were performed. XRR can evaluate quantitatively electron
density, thickness and roughness of thin layers on a flat substrate
without any crystal information. Fig. 4 shows XRR spectra of all
CDQW samples. There was no information of the thin layers for

incident angle narrower than critical angle around 0.31. When the
incident angle was wider than the critical angle, reflected X-ray
intensity (IX-ray) decreased rapidly with oscillations. Periods and
amplitudes of the oscillations corresponded to thickness of the
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Fig. 3. Excitation power dependence of photoluminescence spectra of the samples.
(a) W:3.0, (b) prev. a, (c) prev. b. P1, P2, and P3 in (c) indicate separate peaks that
are obtained by curve fitting. Arrows in (c) represent peak energies and intensities
of the separated peaks.

Table 1
Excitation power dependence of photoluminescence (PL) intensity (β) and full
width at half maximum (FWHM) of PL spectra for W:3.0, prev. a, and prev. b, where
PL spectra were measured at 77 K. FWHM values are in units of meV.

W:3.0 prev. a prev. b

β 1.69 1.89 1.92
FWHM 19 24 98
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Fig. 4. X-ray reflectivity (XRR) spectra of the samples. From top to bottom, XRR
spectra correspond to W:2.6, W:2.8, W:3.0, prev. a, prev. b. The data lines are offset
for clarity.
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Fig. 5. X-ray reflectivity (XRR) spectra of prev. b and W:3.0 together with fitting
results to ωn.
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thin layer and electron density difference between the thin layers
and interface roughnesses, respectively. Overall decay rate was
related to overall interface roughness [14]. Oscillation periods
between the largest peaks arose from one periods of the CDQW
samples. Estimated one periods of all CDQW samples were agreed
with those from XRD analysis. The amplitudes of the oscillations
contained a lot of information. As a result, spectrum simulations
were required to reveal the information. Because a model struc-
ture strongly affected the result of the spectrum simulations,
overall interface roughness was evaluated by obtaining the decay
rate of (I X-ray). Fig. 5 shows an example of the evaluation for prev.
b and W:3.0. The other samples were also evaluated under the
same manner as shown in Fig. 5. The ideal decay rate was �4
(IX�ray �ω�4). Additional decay clearly revealed that all samples
had a rough interface structure. Thus, the absolute higher value of
β might be attributed to this rough interface. Table 2 shows the
decay rate (IX�ray �ω�n) of IX�ray. These values are divided into
two groups. They are around �5.7 for CDQW samples with
CBAlAs=InAlAs and �6.3 for CDQW samples having AlAsSb barrier,
respectively. As previously mentioned Sb atoms interdiffused
between layers and the interdiffusion caused rough interface [7].
The decay rates clearly reveal the rough interface due to the
interdiffusion. On the other hand, FWHM value which could be
strongly influenced by the rough interface dose not correspond to
the decay rate for prev. a. This is because of the position of the
rough interface. The superior decay rate, FWHM and β values of
W:3.0 allow us to conclude that the CDQW samples with
CBAlAs=InAlAs had the best crystal quality of all samples studied.

4. Conclusion

In this study, the crystal quality of CDQW samples with
CBAlAs=InAlAs was investigated by evaluating their PL properties
and the decay rates of XRR spectra. CDQW samples with
CBAlAs=InAlAs showed a narrower PL emission compared with CDQW
samples with an AlAsSb barrier. The excitation power dependence
of the PL intensity of CDQW sample with the CBAlAs=InAlAs also
indicated its superior radiative quality. Samples containing the
AlAsSb barrier were found to have Sb-related states at the inter-
face that degraded PL performance. The decay rates of XRR spectra
clearly indicated inferior interface quality due to Sb interdiffusion.
From these experimental findings, we can conclude that CDQW
samples with CBAlAs=InAlAs have superior crystal quality relative to
samples containing an AlAsSb barrier.
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a b s t r a c t

Self-assembled InAs quantum dots (QDs), without and with an AlAs cap, were grown on (311)B GaAs
substrates by molecular beam epitaxy. Surface morphologies of QDs were characterized by atomic force
microscopy. Photoluminescence (PL) was performed in the 4–300 K temperature range. For QDs without AlAs
cap, sharp and intense PL emitted from wetting layer was observed. PL from QDs was relatively weak at 4 K.
The PL intensity of QDs decreased as measurement temperature increased and was not observed at 300 K. For
QDs with AlAs cap, PL from WL vanished while PL from QDs were substantially enhanced at 300 K.
Suppression of PL fromWL indicates that the thickness of WLwas reduced due to phase separation result from
AlAs cap, which is an effective way to improve the PL of InAs QDs grown on (311)B GaAs substrate.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In the past several decades, self-assembled quantum dots (QDs)
have been extensively investigated because its three-dimensional
quantum carrier confinement properties can provide new oppor-
tunities for novel device applications such as QD lasers [1] and
quantum information processing [2]. QDs are the products of
strain-induced hetero-epitaxial growth, in which the formation
of QDs takes place after a thin elastically strained epitaxial wetting
layer (WL). The WL plays a key role in carrier capture for QDs
grownwith SK mode. It is well established that most of carriers are
firstly injected into WL from the barrier layers and then they are
captured by QDs or recombine in the WL [3–6].

Many studies about InAs QDs grown by MBE have been concen-
trated on (100) GaAs substrates. However, potential advantages would
also be offered by InAs QDs grown on high-index substrates, which are
essential for terahertz emission devices based on the difference
frequency generation (DFG) [7,8] because the effective second-order
nonlinear coefficient is zero on the (100) orientation due to the crystal
symmetry [9,10]. Several attempts have been taken on QDs grown on
(311)B GaAs substrates. Photoluminescence (PL) from WL were
observed in (311)B QDs either grown by MBE [11,12] or metal-
organic chemical-vapor deposition (MOCVD) [13], while emission
from WL were not observed in reference QDs samples grown on
(100) GaAs in their research. In our previous study, PL from WL were

also observed for all (311)B QDs with different coverage of InAs [14].
The results indicated that carriers were easier recombined inWL other
than captured by QDs. Therefore, it would be highly advantageous if
we can explore a new growth method to suppress WL PL. A novel
mechanism of QD formation have been proposed by V. Shchukin et al.
[15]. The InAs WL can be reduced or even removed if an AlAs layer
was deposited on the InAs QDs because of phase separation. Tutu et al.
have found the absence of WL after depositing an AlAs cap layer over
InAs QDs grown on (100) GaAs [16]. The phase separation are driven
by the effects of wetting and non-wetting phenomenon which was
defined by wetting constant. ΦBA ¼ γsurfB þγintBA�γsurfA . Here γsurfB , γintBA ,
and γsurfA are surface energy of B, interface energies for B–A, and
surface energy of A. ΦBAo0 and ΦBA40 denoted wetting and non-
wetting respectively. For AlAs/InAs/GaAs (100) system, InAs/GaAs is
wetting (ΦInAs–GaAso0) but AlAs/GaAs is non-wetting (ΦAlAs–GaAs40).
If a thin AlAs layer was deposited on InAs, InAs and AlAs will separate
into local InAs-rich and AlAs-rich domains on the surface.

In this work, we investigated the influence of AlAs layer on the
optical properties of InAs QDs grown on (311)B GaAs substrate. Surface
morphologies of QDs were characterized by atomic force microscopy
(AFM). The optical properties of QDs were investigated by PL. We have
suppressed the PL from InAs WL by depositing AlAs cap on InAs QDs.

2. Experiments

Fig. 1 shows the epitaxial layer structure of InAs QDs with AlAs cap
grown on (311)B GaAs substrate by Varian GEN-II MBE. InAs QDs
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without AlAs cap were also grown on both (100) and (311)B GaAs as
references. QDs with and without AlAs cap hereafter termed as QD-W
and QD-W/O respectively. Native oxides on the GaAs substrates were
removed by heating up to a substrate temperature (TS) of 630 1C under
As4 atmosphere of 1.3�10�5 Torr. AlGaAs layer were introduced in
order to prevent photoexcited carrier escape from the GaAs barrier
layer to the substrate or surface. InAs QDs were grown at TS of 500 1C
with a coverage of 2.3 ML at a growth rate of 0.163 ML/s. Buried and
surface QDs were grown under identical conditions for PL and AFM
measurements, respectively.

Surface morphologies of the QDs were characterized by a
tapping-mode AFM. The optical properties of buried QDs were
investigated by PL using an excitation laser at a wavelength of
532 nm. Samples were mounted into a helium cryostat that
allowed the temperature to be controlled in the range of
4–300 K. The PL spectra was dispersed by a spectrometer and
detected by a liquid-nitrogen-cooled InGaAs photodiode array.

3. Results and discussion

Fig. 2(a) and (b) shows the PL (4 K) of QD-W/O grown on (100) and
(311)B GaAs substrate, respectively. Only one strong PL peak assigned
to QDs was observed for (100) QD-W/O as shown in Fig. 2(a). On the
contrary, the PL spectrum of (311)B QD-W/O can be fitted by two
Gaussian profiles as shown in Fig. 2(b). The broad long-wavelength
one is related to the QD ensemble, whereas the sharp short-
wavelength emission at 875 nm is attributed to the electron–hole
recombination in theWL. Insets are the corresponding 1�1 mm2 AFM
images of surface QDs. The density of (100) QD-W/O is
4.1�1010 cm�2, which is not larger than 3 times of (311)B QD-W/O
of 1.8�1010 cm�2. However, the integrated PL intensity of (100) QD-
W/O is more than 6 times than that of (311)B QD-W/O indicating the
inefficient capture of carriers in (311)B QD-W/O.

Fig. 3(a) shows the PL spectra measured from (311)B QD-W/O
with various excitation power density at 4 K. The intensity of WL
PL increased as excitation power density increased from 3 to
150 mW/cm2. Moreover, as can be seen in Fig. 3(b), when the
temperature increased from 4 to 140 K, the peak intensity of the
QD decreased considerably while the WL emission intensity
increased quickly.

Ohmori et al. [17] have observed that the intensity of PL from
(100) QDs is smaller than that fromWL as long as the QD density is
less than 108 cm�2, that is, the inter-dot distance is larger than
1 mm. It is because that carriers were firstly supplied to a zone of
the WL which is within the diffusion length (LD) from QDs in order
to achieve an efficient injection into a specific QD. Otherwise,
carriers will recombine in WL if they are further than LD away from
the QD. Note that the direct pathway of carriers from the barrier
layer to QDs can be almost negligible for low-density QDs which
cover an area smaller than WL. In our study, InAs QDs grown on
(100) GaAs have the dot density of 4.1�1010 cm�2. Therefore the
carriers can be captured by QDs easily and the carriers trapped in
WL is almost negligible. However, it is clearly not true for the InAs
QDs grown on (311)B GaAs where intense PL peak from WL was
observed, even (311)B QDs have a dot density of 1.8�1010 cm�2.
Considering that short LD means strong WL PL and weak QD PL, we
inferred that LD is quite short for QDs grown on (311)B GaAs
substrate.

Fig. 4(a) and (b) shows power and temperature dependence of
(311)B QD-W. Compared with (311)B QD-W/O, a striking feature
was observed that the WL PL disappeared while QDs PL emerged
at varied excitation power density and temperature.

PL of (311)B QD-W/O and QD-W measured at 300 K are shown
in Fig. 5. PL of WL and GaAs buffer were apparent around 865 and
920 nm, respectively. However, PL emission from QD was not

observed. For (311)B QD-W, The WL PL disappeared and the PL
from QDs is clearly observed. The vanishing of WL PL indicated
that the thickness of WL was reduced due to phase separation. The
probability of carrier recombination in WL was decreased because
of reduction of WL. On the other hand, the chance of directly
injecting carriers from barrier layer into QDs was increased. The
results suggested that it is an effective way to suppress the PL from
WL and to improve the PL of InAs QDs grown on (311)B GaAs
substrate by an AlAs cap.

Several researches have reported that AlAs cap has a large
influence on the structural and optical properties of QDs grown on
(100) GaAs [18,19]. A small blue-shift has been observed when the
AlAs thickness is increased from 3 to 5 ML [19], reflecting the
effect of the higher potential barrier. However, such effect of ultra-
thin (0.5 ML) AlAs cap can be neglected in our case. Therefore, the
substantially enhanced PL of InAs QDs can be regarded as the
result of reduction of WL. It is reasonable to inferred that the
phase separation in AlAs/InAs/GaAs(100) [15] also occurred in

Fig. 1. Epitaxial layer structure of QDs grown on (311)B GaAs substrate. InAs QDs
were grown at TS of 500 1C with a coverage of 2.3 ML and then capped by 0.5 ML
AlAs layer. Buried and surface QDs were grown under identical conditions for PL
and AFM measurements, respectively.

Fig. 2. PL of QDs without AlAs cap grown on (100) GaAs substrate (a) and (311)B
GaAs substrate (b). The PL originated form WL of QDs grown on (311)B GaAs
substrate can be seen in (b) at 875 nm. Insets show the corresponding 1�1 mm2

AFM image of surface QDs.
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AlAs/InAs/GaAs(311)B system. InAs/GaAs(311)B is wetting but AlAs/
GaAs(311)B is non-wetting, that is, ΦInAs–GaAso0 and ΦAlAs–GaAs40.
However, it should be noted that larger surface migration of Ga
adatoms and longer surface segregation length of In atoms on high-
index GaAs [20] could affect the numerical value of ΦInAs–GaAs and
ΦAlAs–GaAs on (311)B GaAs substrate.

4. Summary

We have investigated self-assembled InAs QDs, without and
with an AlAs cap, grown on (311)B GaAs substrate by molecular
beam epitaxy. AlAs cap were introduced to suppress the WL PL.
Surface morphologies of QDs were characterized by AFM. PL
measurements were performed in 4–300 K temperature range.
For QDs without AlAs cap, sharp and intense PL emitted from
wetting layer was observed at 4 K. PL from QDs was relatively
weak around 900 nm and was not observed at 300 K. For QDs with
AlAs cap, PL from WL was vanished with varied excitation power
and temperature. Moreover, the PL from QDs were observed from
4 to 300 K. Suppression of PL from WL indicates that the thickness
of WL was reduced due to phase separation result from AlAs cap,
which is an effective way to improve the PL of InAs QDs grown on
(311)B GaAs substrate.
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a b s t r a c t

We use cross-sectional scanning tunneling microscopy (STM) to reconstruct the monolayer-by-
monolayer composition profile across a representative subset of MBE-grown InAs/InAsSb superlattice
layers and find that antimony segregation frustrates the intended compositional discontinuities across
both antimonide-on-arsenide and arsenide-on-antimonide heterojunctions. Graded, rather than abrupt,
interfaces are formed in either case. We likewise find that the incorporated antimony per superlattice
period varies measurably from beginning to end of the multilayer stack. Although the intended
antimony discontinuities predict significant discrepancies with respect to the experimentally observed
high-resolution x-ray diffraction spectrum, dynamical simulations based on the STM-derived profiles
provide an excellent quantitative match to all important aspects of the x-ray data.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

It has been recognized for some time that type-II superlattices
based on the GaSb/InAs system might hold distinct advantages
over HgCdTe in long-wave-infrared detector applications [1]. For
many years, research attention focused largely on the non-
common-atom binary materials, and their closely-related, ternary
variant InAs/Ga(In)Sb, despite early recognition of the potential
offered by a simpler, common-atom analog, namely InAs/InAsSb
[2]. With the recent demonstration that InAs/InAsSb superlattices
exhibit minority carrier lifetimes up to two orders of magnitude
greater [3,4] than those observed in InAs/Ga(In)Sb [5,6], there has
been renewed interest in the prospects for competitive devices
built from this material.

The deliberate tailoring of optical transitions in these, and similar,
quantum-confined structures typically relies on theoretical or
empirical paradigms whose predictive utility is judged against
assumed (intended) rather than empirically determined (as-grown)
constituent-layer sequences. Accurate knowledge concerning the
as-grown atomic arrangements responsible for the confining poten-
tials that make these structures unique is rarely available.

Here, we show how atomic-resolution scanning tunneling micro-
scopy (STM) may be used to reconstruct the monolayer-by-monolayer

composition profile throughout one such structure, an InAs0.67Sb0.33
strained-layer superlattice (Fig. 1), following cleavage in ultra-high
vacuum (UHV). We also show how STM may be used to quantify the
changes in superlattice composition as growth progresses from
beginning to end by selectively examining a subset of periods at
various points along the multilayer stack. Finally we demonstrate
these results are globally representative by comparing x-ray simula-
tions based on the STM findings to high-resolution x-ray diffraction
(HRXRD) data from the same wafer.
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Fig. 1. Intended superlattice layer sequence. Growth direction is from bottom
to top.
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2. Experimental details

Epitaxial growth of the superlattice shown in Fig. 1 was carried
out by solid-source molecular beam epitaxy at Sandia National
Laboratories. The layers were deposited on a (001)–oriented GaSb
substrate under an anion overpressure1 of �1.5:1 and growth rate
of 0.9 monolayers/s (ML/s). The substrate was held at approxi-
mately 420 1C and rotated continuously throughout deposition.
Subsequent HRXRD examination of the (004) reflections in a
triple-axis configuration revealed a period of 6.28 nm (corre-
sponding to 20.6 ML) and substrate mismatch of �0.05% following
analysis of nine superlattice satellite orders.

Select dies from this wafer were transferred to a dedicated
UHV–STM system, with base pressures below 1E-13 Torr for all
reactive species save hydrogen (at the 1E-11 Torr level), where the
completed structure was exposed in cross section by cleavage

along (11̄0) or (110) planes. Precise position control allowed
placement of an STM tip above any desired subset of layers from
the 100-period stack as well as navigation across the entire
structure in the [001] growth direction and up to a micron in
the orthogonal 〈110〉 direction.

Large-area surveys were assembled from overlapping atomic-
resolution images along periods near the initiation and completion
of growth for multiple locations on the substrate wafer. Fig. 2
shows a representative portion of one such survey, obtained with
negative sample bias to image the filled-state densities associated
with As and Sb. Isovalent replacement of arsenic with antimony at
the cleavage-exposed surface is unmistakably pinpointed here by
the change in covalent radius and back-bond length attending any
such non-native, InSb-like pairing. As we will see shortly, the
evident intermixing along each and every interface is due to
segregation of vapor-deposited antimony atoms.

To facilitate compilation of the requisite bulk antimony profile, a
counting window extending 62 surface monolayers in the growth
direction, thus encompassing 6 repeats of the bulk superlattice period,
was overlaid on each image of the survey. The 〈110〉 width of these

Fig. 2. Anion images from a large-area STM survey of superlattice periods 73–84. Antimony-for-arsenic replacement within the top-layer, cleavage-exposed plane
is identified by carets. Growth direction is from top left to bottom right.

1 The quoted anion overpressure represents a sum of As:In of �1.2 and Sb:In of
�0.3.
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windows was chosen to maximize counting statistics yet avoid double
counting due to the overlap of adjoining STM images from the survey
mosaic. It is a straightforward matter to then count the number of top-
layer Sb sites within each surface atomic row (whose identification
across the entire mosaic is preserved by careful spatial alignment of
each image relative to its neighbors)—and normalize this count to the
total number of anion sites sampled in all windows—to obtain an
antimony fraction versus surface monolayer and corresponding
binomial error.

3. Results and discussion

Reconstruction of the bulk composition profile from the surface
samplings obtained with STM follows a well-defined algorithm for the
case of zincblende {110} facets. The distinction between surface and
bulk identified here arises because only every second bulk (001) anion
plane actually projects dangling bonds into the vacuum following
cleavage. Any single surface sampling of the bulk period therefore
represents, at best, every other plane of the bulk anion layer sequence.
It is, in fact, this very phenomenon that underlies the factor of two
disparity between surface-and bulk-monolayer counts per period in
Fig. 2. Whenever the bulk period is even-integer valued, this under
sampling recurs with each surface repeat. For bulk periods that adopt
odd-integer values, on the other hand, two sequential surface sam-
plings suffice to sample every bulk monolayer once, revealing even
and odd anion subsequences of the complete bulk profile in turn. The
general principle may be recognized as a strobing of the bulk by the
surface, whose surface period is dictated by commensurability of the
bulk period with an integer number of surface monolayers. For bulk
periods with a rational fraction remainder, this commensurability is
still guaranteed, but its rigorous fulfillment may be experimentally
inaccessible due to the large number of surface monolayers required.
Given a 20.6 bulk monolayer period, for example, strict commensur-
ability occurs every 103 surface monolayer samplings (or ten surface
repeats), well beyond our accessible counting window. Simply approx-
imating the period by 20.5 monolayers, on the other hand, reduces
that requirement to 41 surface monolayers, or four surface repeats.2

The as-grown antimony profile reconstructed by a systematic fold
back3 of the six (four minimum plus two additional) surface repeats
sampled with STM for nearly three-quarters of a micron along the

〈110〉 direction is plotted in Fig. 3, where it is compared against the
intended profile for a single bulk period. The reconstructed data
display an exponential-like growth in the incorporated antimony
fraction at the antimonide-on-arsenide interface, followed by a
corresponding exponential-like decay at the arsenide-on-antimonide
interface. Both are qualitatively consistent with antimony segregation.

To conclusively establish segregation as the physical mechanism
behind the compositional grading observed along both interfaces, we
fit the data in Fig. 3 to a continuum generalization (solid black line) of
a standard segregation model originally formulated by Muraki et al.
[7], and previously employed to quantitatively describe antimony
segregation in GaInSb/InAs superlattices [8]. The essential features of
this model are embodied in Eq. (1), where xss represents the steady-
state antimony fraction, z a continuously-varying coordinate along
the growth direction, d the (arbitrary) duration (in monolayers) of a
(presumed) spatially-invariant antimony exposure, Λ the superlattice
period, and R the corresponding segregation coefficient, equivalently
parameterized in terms of a segregation length λ4. The discrete
Muraki model is recovered when z and d are restricted to integer
values and the spatially invariant offset introduced by background
incorporation (represented here by xo) is neglected

x zð Þ ¼ xss 1�Rz� �þxo 0ozrd

x zð Þ ¼ xss 1�Rd
� �

Rz�dþxo dozrΛ

R¼ expð�1=λÞ ð1Þ

A presumed boundary condition of the Muraki model, neces-
sarily abandoned in Ref.[8] but imposed here in Eq. (1), is that a
floating layer established atop the arsenide-on-antimonide inter-
face by antimony segregation during vapor deposition (0ozrd)
supplies the seed for subsequent segregation throughout the
remainder of the period.5

Fig. 4 shows the monolayer-by-monolayer strain accompanying
the compositional grading in Fig. 3. This strain profile serves as an
important touch point for alternative characterization techniques,
such as TEM [9] (which measures strain in order to infer composi-
tion), and likewise enters into various calculations of superlattice
optical properties [10]. It directly mirrors the antimony fraction in
Fig. 3 on account of a near degeneracy [11] in InAs and InSb Poisson
ratios that, in turn, causes the [001] lattice constant of coherently-
strained InAsSb on GaSb to depend (nearly) linearly on composition.

0 5 10 15 20

an
tim

on
y 

 p
er

  m
on

ol
ay

er
  (

 %
 )

0

10

20

30

40

bulk  monolayer

Fig. 3. Intended antimony profile (gray), with compositionally abrupt interfaces,
contrasted against the compositionally-graded as-grown profile (black) recon-
structed from STM. The data (assembled, here, from superlattice periods 76–81)
exhibits exponential growth, and subsequent decay, consistent with antimony
segregation; detailed fit likewise includes constant background incorporation.
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Fig. 4. Inferred bulk strain along the [001] growth direction directly mirrors the
composition profile shown in Fig. 3.

2 It is worth pointing out that the commensurability number attending a bulk
period of 20 3/5 (103) versus 20 1/2 (41) MLs is odd in either case.

3 This fold back entails assigning a bulk index¼2 � surface index modulo (n�1)
� superlattice period to each surface layer from the nth (observed) surface repeat.

4 Eq. (1) may be further generalized to accommodate substrate vicinality by
adding another, spatially-abrupt source term representing a second terrace. When
the z-offset between terraces is left free to vary it naturally settles at one
monolayer, providing the accurate fit shown in Fig. 3.

5 The segregation coefficient and cross-incorporated background so obtained
nevertheless appear reasonable in light of Ref. [8].
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As already noted, controlled navigation across the entire multi-
layer stack illustrated in Fig. 1 is easily achieved with STM.
Comparison of early-, middle-, and late-period surveys from
distinct cleaves at multiple locations on the same wafer reveals
an increase in the incorporated antimony per period from begin-
ning to end in each case. This is illustrated for one particular
instance in Fig. 5, where an approximately 7% increase distin-
guished the total change between initiation and termination of
growth.6 A small piece from a remote location on the wafer was
subsequently selected for depth profiling with secondary ion mass
spectrometry (SIMS). These SIMS data7 are likewise plotted in
Fig. 5—here as a moving average over 9 periods—and they support
the STM results on this point.

A convincing argument that the monolayer-by-monolayer com-
position profile and evolving substrate mismatch reconstructed
with STM are indeed characteristic of the superlattice as a whole
may be made by appealing to dynamical x-ray simulations. Fig. 6
contrasts the anticipated HRXRD spectrum, assuming abrupt inter-
faces and compositional uniformity throughout the structure, with
the experimental facts. Predicted and observed satellite peak
locations agree, demonstrating the as-grown period and mismatch
are close to their intended values, but predicted and observed peak
intensities differ by up to two orders of magnitude bringing the
assumed structure into question. In addition to this conspicuous
quantitative discrepancy, the assumed structure likewise fails to
capture the evident broadening at the base of each satellite peak.

Adopting the fit in Fig. 3 to include segregation and cross incor-
poration, together with the piecewise constant approximation in
Fig. 5 to include the evolution in antimony incorporation during
growth, decisively remedies both these deficiencies of the
intended structure. As seen in Fig. 7, the resulting HRXRD
spectrum accurately accounts for every significant feature of the
x-ray data, including satellite peak intensities, peak widths, and
overall background.

4. Conclusions

Large-area, atomic-resolution STM surveys over subsets of the full
layer sequence comprising an MBE-grown InAs/InAsSb superlattice
have established the existence of compositional grading at both the
antimonide-on-arsenide and aresenide-on-antimonide heterojunc-
tions. Detailed fits to a standard segregation model pinpoint the

physical origin of this compositional grading as a combination of
antimony segregation and background incorporation that, in turn,
produces exponentially-increasing or exponentially-decreasing anti-
mony fractions across the respective interfaces. Cross-sectional STM
also reveals a systematic increase in the incorporated antimony per
period from beginning to end of the multilayer stack that is indepen-
dently confirmed with SIMS. Dynamical x-ray simulations that take
into account the compositional grading observed with STM, as well as
the evolution in substrate mismatch occasioned by variable antimony
per period, provide a convincingly accurate match to the full, as-grown
HRXRD spectrum. Since this compositional grading exerts a similarly
pronounced influence on local strain and band structure, one may
reasonably expect such as-grown profiles to play an equally important
part in the reliable prediction of superlattice optical properties.
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Fig. 6. Dynamical x-ray simulation (gray)—normalized to the observed substrate
peak intensity—assuming the intended composition profile shown in Fig. 3, as well
as uniform antimony-per-period throughout the superlattice. Comparison with the
experimental HRXRD spectrum (black) reveals the assumed structure provides a
comparatively poor global description of the x-ray data.
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Fig. 7. Dynamical x-ray simulation (gray)—again normalized to the observed
substrate peak intensity—assuming the as-grown profile deduced from STM in
Fig. 3, as well as the piecewise-constant total antimony-per-period illustrated in
Fig. 5. Comparison with the experimental HRXRD spectrum (black) demonstrates
this structure provides an excellent global description of the observed x-ray
mismatch, satellite peak intensities, peak widths, and overall background.

6 Comparable measurements at different locations on the wafer yield somewhat
larger variations.

7 Evans Analytical Group.
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a b s t r a c t

The surface morphology, microstructural, and optical properties of indium gallium nitride (InGaN) films
grown by plasma-assisted molecular beam epitaxy under low growth temperatures and slightly
nitrogen-rich growth conditions are studied. The single-phase InGaN films exhibit improved defect
density, an absence of stacking faults, efficient In incorporation, enhanced optical properties, but a grain-
like morphology. With increasing In content, we observe an increase in the degree of relaxation and a
complete misfit strain relaxation through the formation of a uniform array of misfit dislocations at the
InGaN/GaN interface for InGaN films with indium contents higher than 55–60%.

& 2015 Published by Elsevier B.V.

1. Introduction

The ternary indium gallium nitride (InGaN) alloy system is of great
interest for optoelectronics applications due to its direct band gap
varying from 0.65 to 3.42 eV and thus, spanning the entire visible to
near-infrared spectrum [1]. However, the epitaxial growth of InGaN
over the entire composition range faces many issues such as (i) the
lack of appropriate substrates, which leads to dislocation formation
[2], (ii) the control of In incorporation, which depends on the growth
chemistry and temperature [3], and (iii) the miscibility gap between
InN and GaN, which results in phase separation [4].

A precise control and optimization of the III/N ratio and the growth
temperature is required to obtain single-phase, high-quality InGaN
films. The growth of single-phase InGaN by molecular beam epitaxy
(MBE) has been previously reported using various approaches [5–8].
Metal-rich growth favors a 2D growth mode, which promotes
smoother surfaces but results in compositional alloy fluctuations and
high threading dislocation densities [5,6]. On the other hand, N-rich
growth leads to more uniform InGaN alloys but reduces surface
adatom mobility, resulting in 3D growth mode and grain-like mor-
phology [6–8]. The structural and optical properties of InGaN films
also strongly depend on growth temperature [9]. An optimized growth
temperature must account for a tradeoff between enhanced composi-
tional homogeneity and In incorporation at low temperatures and

improved surface morphology and threading dislocation density at
high temperatures.

In order to take advantage of both metal-rich and N-rich condi-
tions, several modulated growth methods have been studied [10,11].
Metal-modulated epitaxy (MME), a growth technique that uses
constant N flux, shuttered Ga and In fluxes under metal-rich condi-
tions, and extremely low substrate temperatures (400–450 1C), has
enabled the growth of InGaN films throughout the miscibility gap
[12,13]. While the moderate In-content films (22–46% InGaN) display
high density of dislocations and stacking faults, InGaN films with In
content higher than 60% exhibit a significant improvement in the
crystalline quality and optical properties due to a complete misfit
strain relaxation through the formation of a uniform array of misfit
dislocations at the InGaN/GaN interface [14]. However, it is unclear
whether this complete misfit strain relaxation originates from (i) the
fundamental lattice mismatch between In-rich InGaN films and GaN,
(ii) the MME growth technique, or (iii) the use of low temperatures. In
this work, we report on the growth of InGaN films over the entire
composition range under very low growth temperatures and slightly
N-rich growth conditions.

2. Experiments

The InGaN films were grown in a Riber 32 MBE system using a
standard effusion cell for In, a Veeco SUMO cell for Ga, and a Veeco
Unibulb plasma source for N. Lumilog MOCVD-grown GaN (0 0 0 1)
templates on sapphire were used as substrates and were backside
metallized with tantalum to enable radiative heating. Substrates were
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degreased in H2SO4:H2O2 (4:1) and outgassed in the introductory
chamber at 150 1C for 30 min. A �130 nm GaN buffer was grown at
600 1C via MME to bury the native surface oxide.

InGaN growth was performed at various low growth temperatures
(360–450 1C) depending on the targeted compositions. All InGaN
films were grown under N-rich conditions using a constant III/N ratio
of �0.9 with group-III fluxes normalized by Z-number to account
for differences in ion-gauge sensitivity between In and Ga. The
In/(Gaþ In) ratio was varied to obtain InGaN alloys over the entire
composition range. Nitrogen flow rate and RF-plasma power were set
at 1.3 sccm and 350W, respectively. The growth rate was �1 μm/h
and the nominal InGaN film thickness was 55 nm. The InGaN layers
were then capped with a �10 nm GaN film to prevent thermal deco-
mposition of the surface upon cool down.

The growth of the InGaN films was monitored in situ by refle-
ction high-energy electron diffraction (RHEED). The structural
properties of the samples were characterized by X-ray diffraction
(XRD) including 2θ–ω diffraction scans, ω rocking curves, and
reciprocal space maps (RSM). The surface morphology, micro-
structural, and optical properties of all these samples were analy-
zed by atomic force microscopy (AFM), transmission electron
microscopy (TEM), and photoluminescence/cathodoluminescence
(PL/CL), respectively.

3. Results and discussion

Fig. 1 shows the In content determined by XRD as a function the
ratio of the indium (In) to the total group-III (InþGa) flux. The
experimental data points follow a linear behavior with a slope equal
to one. This slope can be interpreted as the incorporation efficiency of
In into the InGaN layer, which depends on the desorption and the
segregation of In atoms [8,15]. At the low substrate temperatures used
for these growths, desorption of In atoms from the surface is
negligible. Under N-rich growth, the influence of In segregation is
limited due to the reduced surface adatom mobility. Therefore, at low
substrate temperatures and under slightly N-rich conditions, the In
incorporation efficiency is approximately unity.

The 2θ–ω scans depicted in Fig. 2 show the absence of phase
separation for all the InGaN films grown throughout the miscibility
gap. The suppression of phase separation can be attributed
to kinetically-limited adatom diffusion enhanced by the N-rich growth
regime [6] and the low substrate temperatures [9]. The (0 0 0 2)
rocking curve FWHMs of all InGaN films are comparable to those of
the underlying GaN templates, indicating negligible tilt. Film thick-
nesses were measured to be 52–60 nm from the Pendellösung fringes,
which are also indicative of smooth interfaces. The surface morphol-
ogy of the InGaN films was investigated by AFM. The AFM images
shown in Fig. 3 display smooth surfaces with sub-nm RMS roughness.
The low adatom mobility from the slightly N-rich growth conditions
results in a combination of long-range 2D atomic steps (Fig. 3a) with
short-range 3D granular domains (Fig. 3c) that are 25–50 nm diameter
wide. This grainy morphology is confirmed by the slightly spotty
RHEED pattern observed during growth as shown in Fig. 3d.

The composition and strain of the InGaN films were derived from
XRD reciprocal space maps. Fig. 4 depicts the InGaN/GaN RSMs for the
ð1 0 1 5Þ reflections of the five InGaN samples with In compositions
ranging from 20% to 82%. The fully-strained and fully-relaxed lines are
also represented as vertical and diagonal dashed lines, respectively.
With increasing In content, the InGaN reciprocal lattice point shifts
from a fully-strained to a fully-relaxed position. The 20% InGaN film is
fully coherent to the GaN underlayer. The degree of relaxation
increases for the 37% and the 52% InGaN films and for In composition
of 67% and 82%, the films are fully relaxed. This relaxation trend is
confirmed by TEM as shown in Fig. 5. The 20% InGaN film exhibits
residual strain. The 37% InGaN layer follows an island-nucleation
growthmechanism, resulting in isolated islands, with different tilt and
twist, which coalesce. The onset of moiré fringes, which are associated
with misfit dislocations, is observed at the GaN/InGaN interface for
the 52% InGaN as demonstrated by the periodic peaks from the line
scan (Fig. 5c inset). The N-rich 67% InGaN sample clearly exhibits
moiré fringes at the interface, indicating a complete misfit strain
relaxation through misfit dislocations. Similar to the MME-grown
InGaN samples [14], we observe a transition in the structural proper-
ties of the N-rich InGaN films for In content higher than 55–60%. This
transition coincides with the calculated critical thickness reaching a
value close to a monolayer. At this composition, due to the large lattice

Fig. 1. In content of InGaN films as a function of the ratio of In to total metal flux.
The slope represents the In incorporation efficiency.

Fig. 2. 2θ–ω diffraction scans of single-phase InGaN films over the entire
composition range.

Fig. 3. (a) 10�10 μm, (b) 5�5 μm, and (c) 1�1 μm representative AFM images of InGaN films grown under slightly N-rich conditions at low temperatures. (d) Typical
RHEED pattern during growth.
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mismatch between GaN and In-rich InGaN, the material sponta-
neously nucleates in a fully relaxed state, with the formation of a
uniform array of misfit dislocations at the interface. While the
complete strain relaxation through misfit dislocations is independent
of the growth method, further experiments are needed to determine
the influence of low growth temperatures.

All these InGaN films exhibit luminescence either by CL (Fig. 6a) or
PL (Fig. 6b) possibly due to reduced defect density compared to the
MME-grown InGaN films [14] and the absence of stacking faults as
demonstrated by the TEM. The additional peaks and shoulders in the
67% and 82% InGaN spectra are attributed to Fabry–Pérot interference
from the GaN underlayer.

4. Conclusions

In summary, single-phase InGaN films over the entire composition
range have been grown by plasma-assisted MBE under slightly N-rich

growth regime at extremely low temperatures. These growth condi-
tions resulted in low defect density, notably no observation of stacking
faults, efficient In incorporation, the suppression of phase separation,
an improvement in the optical properties, and a grainy surface morp-
hology. We observed an increase in the relaxation degree with higher
In content and a transition in the structural properties of the InGaN
films for In content higher than 60%. The enhancement of In
incorporation and the improvement in structural and optical proper-
ties of InGaN films over the entire composition range will benefit the
development of InGaN-based optoelectronic devices.
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the Gaussian fittings after removal of Fabry–Pérot interference effects.
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a b s t r a c t

N-polar InAlN thin films were grown by plasma-assisted molecular beam epitaxy on freestanding GaN
substrates under N-rich conditions. Indium and aluminum fluxes were varied independently at substrate
temperatures below and above the onset of thermal desorption of indium. At low temperatures, the
InAlN composition and growth rate are determined by the group-III fluxes. With increasing substrate
temperature, the surface morphology transitions from quasi-3D to a smooth, 2D morphology at
temperatures significantly above the onset of indium loss. At higher temperatures, we observe increased
indium evaporation with higher indium fluxes and a suppression of indium evaporation with increased
aluminum flux. The final optimized InAlN thin film results in step-flow morphology with rms roughness
of 0.19 nm and high interfacial quality.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction and background

InAlN has emerged as a promising alternative to more conven-
tional InGaN and AlGaN III-nitride alloys for use in both optoelec-
tronic and electronic devices. InxAl1�xN can be grown lattice
matched to GaN while maintaining a significant refractive index
and spontaneous polarization difference with GaN [1–4]. The
refractive index contrast with GaN makes InAlN attractive as a
thick, strain-free cladding layer in GaN based laser diodes and in
distributed Bragg reflectors [5,6]. High electron mobility transis-
tors (HEMTs) take advantage of the large spontaneous polarization
difference between In0.18Al0.82N and GaN to induce a high carrier
density two dimensional electron gas (2DEG) [1–4].

While the majority of InAlN growth studies have focused on
metal-polar growth, N-polar devices have several potential advan-
tages for next generation, high frequency GaN-based HEMTs. In
N-polar oriented devices, the barrier is located below the channel,
allowing easier access for low resistance ohmic contact formation
and improved electron confinement via a built-in back-barrier [7,8].
N-polar HEMTs also offer improved scalability through independent
control of the gate-2DEG thickness and the barrier thickness, allow-
ing the barrier design to compensate for the loss of sheet charge
density as the channel thickness is scaled down [9]. In addition, the

quantum displacement of the 2DEG towards the surface relative to
the barrier/channel interface places the 2DEG closer to the gate,
reducing short-channel effects and improving frequency perfor-
mance [10]. In contrast to metal-polar grown InAlN, N-polar oriented
indium-containing films have shown significantly higher indium
incorporation for a given set of growth conditions [11–15], suggesting
that the optimal growth conditions for N-polar InAlN may be
significantly different than for metal-polar InAlN.

InAlN layers have been demonstrated by metalorganic chemi-
cal vapor deposition (MOVCD) [16,17], NH3-based molecular beam
epitaxy (MBE) [18] and plasma-assisted MBE (PAMBE) [2]. PAMBE
has potential advantages for HEMT growth due to its capability to
produce higher chemical purity and more abrupt AlN interlayers
(ILs), relative to MOCVD and NH3-MBE [19]. However, InAlN has
proven to be a difficult material to grow with high quality, in part
due to the large In–N and Al–N bond strength difference that leads
to very different optimal growth temperatures for InN and AlN
[11,20]. Historically, PAMBE grown InAlN layers have suffered from
both vertical and lateral compositional inhomogeneity [21,22]. In
addition, there have been reports of poorly understood composi-
tional changes with respect to supplied indium and aluminum flux
(ΦIn and ΦAl) [23,24]. InAlN layers are frequently grown with the
total ΦInþ ΦAl approximately equal to the supplied active nitro-
gen flux (ΦNn ) to take advantage of enhanced surface mobility in
the metal-rich regime, similar to metal-rich GaN growth [4,12].
However, metal rich growth generally requires varying ΦIn and
ΦAl together to avoid crossing from N-rich to metal-rich regimes,
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and is complicated by possible indium accumulation and indium/
aluminum liquid phase segregation [25]. Growth temperatures are
generally chosen to be low enough to avoid thermal decomposi-
tion of InN: around 500 1C for metal-polar InAlN and 550 1C for N-
polar InAlN [4,12,23]. Recently, InAlN layers grown in the N-rich
regime at somewhat higher temperatures have been demon-
strated with improved compositional homogeneity [26,27].

In this work we investigate the dependence of InxAl1�xN
composition and surface morphology on systematically varying
ΦIn and ΦAl, both at temperatures below and above the onset of
InN thermal decomposition. We then report on the indium
incorporation behavior and the impact on the growth mode in
both temperature regimes.

2. Experiments

All samples in this study were grown in an Omicron PRO-75
PAMBE system, equipped with a Veeco Unibulbs RF nitrogen plasma
source and dual-filament indium, gallium and aluminum effusion
cells. The plasma was operated at 300W with an N2 flow rate of
1 sccm, giving a chamber pressure of approximately 2�10�5 Torr
during growth. InAlN layers were grown on N-polar oriented free-
standing substrates provided by Kyma, having a nominal threading
dislocation density (TDD) of 5�106 cm�3. The low grown-in TDD
substrates reveal the native surface morphology rather than the
screw dislocation-mediated spiral hillock morphology generally
found in III-N MBE. The varying step edge character present around
the hillock circumference in spiral-mediated growth may modify
indium incorporation and degrade layer homogeneity [28].

Wafers were cleaned ex situ using a trichloroethane, acetone,
isopropanol, deionized water degrease, followed by an HF dip and
deionized water rinse, and were then placed into an indium-free
wafer mount. After loading into the preparation chamber, wafers
were outgassed at 700 1C for 30 min. Growth was initiated with a
three period Ga deposition and desorption procedure to remove
excess oxygen from the sample surface [29,30], followed by a two
minute nitridation. After InAlN growth, the wafer was immedi-
ately cooled and no capping layer was grown.

Growth conditions were chosen well within the N-rich regime to
allow independent ΦIn and ΦAl series without crossing the N-rich-
to-metal-rich transition, avoiding potential issues with indium accu-
mulation and indium/aluminum liquid phase segregation [25]. ΦNn

was calculated from the growth rate of GaN grown in the Ga-rich
regime measured by X-ray diffraction (XRD), and converted to
equivalent In0.18Al0.82N growth rate units using the respective c-
lattice constants for relaxed GaN and coherently strained InAlN. ΦAl

was measured from the composition of a metal-rich AlGaN sample,
as determined by XRD, given the known ΦNn . ΦIn was calculated
from ΦAl using the measured aluminum and indium beam equiva-
lent pressure (BEP) and relative ion gauge sensitivities for indium and
aluminum from Ref. [31]. ΦIn and ΦAl were also calculated from the
growth rate and composition of N-rich InAlN samples, assuming
group-III controlled composition and growth rate, and found to be in
good agreement with the previously calculated values. All substrates
temperature measurements are from a thermocouple mounted in
the substrate heater; wafer surface temperatures are estimated to be
100–150 1C below the measured thermocouple temperature (TTC).
The TTC for the initial growth series was set at 600 1C, and was chosen
to be at least 100 1C below the onset of InN thermal decomposition.

A series of samples was grown varying ΦIn from 0.08 to 0.89
nm/min while holdingΦAl andΦNn constant at 0.64 and 3.2 nm/min,
respectively. The corresponding III/V ratio ranged from 0.23 to 0.47,
well within the N-rich regime. Next,ΦIn was fixed at 0.14 nm/min and
ΦAl was varied from 0.54 to 0.73 nm/min. Both series described above
had an InAlN layer growth time of 40min, and were grown at

TTC¼600 1C corresponding to a real surface temperature of 450–
500 1C.

To identify the onset of indium loss under our growth condi-
tions,ΦIn andΦAl were fixed at 0.14 and 0.64 nm/min, respectively,
and TTC was stepped between 600 and 815 1C for a series of
growths. ΦIn and ΦAl series were then repeated with TTC¼815 1C
to investigate the change in indium incorporation behavior in the
desorption regime. For the high temperature ΦIn series, ΦIn was
increased from 0.14 to 0.86 nm/min, with a TTC of 815 1C. Next, a
series of samples was grown varyingΦAl from 0.64 to 1.28 nm/min,
also at 815 1C. The temperature series and high temperature ΦIn

andΦAl series had InAlN layer growth times of 60 min, giving InAlN
film thicknesses of 45–50 nm. A final sample was then grown with
optimized conditions, adjusting TTC to yield a nominally In0.17Al0.83N
layer. A summary of growth experiments is given in Table 1.

All samples were characterized using a Rigaku Smartlab high-
resolution XRD system with a rotating anode X-ray source, four
bounce Ge (2 2 0) monochromator and an open detector with
0.25 mm incident and receiving slits. Composition was calculated
from the InAlN–GaN peak separation in (0 0 0 2) 2θ/ω measure-
ments, assuming Vegard’s law for the lattice constants and elastic
constants taken from Ref. [32]. Layer thicknesses were measured by
fitting a dynamical XRD simulation to the Pendellösung fringes in the
same XRDmeasurement [33]. Surface morphology was characterized
using a Bruker Dimension FastScan atomic force microscope (AFM).

3. Results and discussion

3.1. Low temperature flux series

The InxAl1�xN composition as a function of the group-III flux ratio
ΦIn=ðΦInþΦAlÞ for samples from the low temperature ΦIn series is
shown in Fig. 1(a). The line plotted in Fig. 1(a) shows the ideal
relationship of the composition with the group-III ratio. Also plotted
in Fig.1(a) is the indium incorporation efficiency kIn, which is defined as

kIn �
ΦInn

ΦIn
; ð1Þ

where ΦInn is the effective indium flux incorporated into the InAlN
layer. The indium incorporation efficiency can then be rearranged to
give

kIn ¼
x

1�x
ΦAl

ΦIn
; ð2Þ

allowing calculation of kIn from the supplied fluxes and measured InN
fraction x, assuming N-rich growth.

In Fig. 1(a), the InN fraction x followed the group-III flux ratio
over a wide range of compositions, as indicated by a near unity kIn
for ΦInr0.31 nm/min. Indium droplets were observed on the
highest ΦIn sample from the low temperature ΦIn series, in spite
of a III/V ratio of only 0.6. The reduction of kIn concurrent with
indium droplet formation suggests a competition for the incoming
ΦIn between droplet and layer incorporation and/or an indium
self-blocking mechanism [34]. The surface In–In interactions for a

Table 1
Summary of InAlN experimental growth series.

Series TTC (1C) ΦIn (nm/min) ΦAl (nm/min) III/V Ratio

Low T ΦIn 600 0.11–0.89 0.64 0.23–0.47
Low T ΦAl 600 0.14 0.54–0.73 0.21–0.27
TTC 600–815 0.14 0.64 0.24
High T ΦIn 815 0.14–0.86 0.64 0.24–0.46
High T ΦAl 815 0.86 0.64–1.28 0.46–0.66
Final 825 0.86 0.95 0.56
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sufficiently high indium surface coverage may lead to droplet
formation even under N-rich conditions. If so, there may be a
critical ΦIn above which droplet formation is unavoidable for a
given ΦAl and substrate temperature. Indium droplet formation
has also been observed for N-rich InGaN grown by NH3-MBE [35].
Further investigation into the mechanism for droplet formation
under N-rich conditions is ongoing.

XRD scans in Fig. 1(b) show good single peaked InAlN layers
accompanied by Pendellösung fringes for samples withΦIn¼0.08–
0.14 nm/min (x¼0.10–0.18). The InAlN layer peaks become much
broader and even multi-peaked for the samples with ΦIn¼0.31–
0.87 nm/min (x¼0.31–37), indicating a degradation of crystal
quality and/or loss of coherency for these highly compressively
strained samples.

Fig. 2(a) gives composition and kIn as a function of group-III ratio,
and Fig. 2(b) shows the measured growth rate and kIn as a function of
total group-III flux for the low temperature ΦAl series. The line in
each plot is the expected behavior assuming ideal N-rich group-III
flux determined composition and growth rate. While there is some
experimental variation, overall there is good agreement with
expected composition and growth rate. kIn is near unity, suggesting
negligible indium loss, as expected for low temperature InAlN growth.

Both the low temperatureΦIn andΦAl series showed clear
control of composition and growth rate by varying the group-III
flux. The variation of composition shown in Figs. 1(a) and
2(b) agrees closely with the predicted composition from the
group-III flux ratio, excluding the sample with indium droplets.
Likewise, varying ΦAl gave the expected changes in both

composition and growth rate as predicted by the total group-III
flux and the group-III flux ratio, respectively.

3.2. Substrate temperature series

The dependence of composition on TTC is given in Fig. 3(a). The
composition remains constant below approximately 760 1C, and
then decreases as temperature increases. The two highest tem-
perature samples had a low density of surface cracks due to tensile
misfit stress in the reduced InN fraction InAlN films.

The variation of InxAl1�xN composition with temperature
shown in Fig. 3(a) is quantitatively similar to Ref. [4], with the
exception that no indium droplets were observed at an inter-
mediate temperature regime. The absence of indium droplets is
likely related to growth under N-rich growth conditions, as
compared to ΦInþ ΦAl �ΦNn . Excess ΦNn can re-incorporate the
additional indium resulting from InN decomposition on the sur-
face, as long as the surface coverage remains below some critical
value for droplet formation. At higher temperatures, the indium
evaporation rate becomes larger than the InN decomposition rate,
preventing indium accumulation on the surface [4]. A single
indium loss mechanism (evaporation) results in a delayed, but
sharper decrease in composition with increasing temperature.

The surface morphologies of the samples in the temperature
series are shown in Fig. 3(b–g). All samples are reasonably smooth,
with no systematic variation in the rms roughness with temperature.
At low temperature the surface has a bumpy, quasi-3D morphology.
With increasing temperature, this morphology remains fairly con-
stant until after the onset of indium evaporation. For temperatures
greater than 40 1C above the onset of indium evaporation, the
morphology evolves to a smooth and fully 2D surface.

Given that the growth temperature for the highest temperature
sample is at least 100 1C less than optimal for AlN growth [20], it is

Fig. 1. (a) Composition and indium incorporation efficiency kIn as a function of
supplied indium flux to group-III-ratio and (b) XRD (0002) 2θ/ω scans for samples
in the low temperature ΦIn series. The line in (a) represents the ideal composition
determined by the group-III flux ratio.

Fig. 2. (a) InxAl1�xN composition x as a function of the indium flux to group-III
ratio and (b) growth rate measured from XRD Pendellösung fringes as a function of
the total group-III flux for the low temperature ΦAl series. For both plots the line
indicates expected ideal group-III controlled behavior.
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unlikely that the increase in temperature alone led to a significant
increase in Al ad-atom mobility. The clear shift in InAlN surface
morphology occurs significantly after the onset of indium evaporation,
and under these conditions it is likely that some steady-state indium
surface layer is present. This indium surface layer may act as a
surfactant to improve Al and N ad-atom mobility, similar to Ga ad-
layers for GaN or AlN growth [26,36].

3.3. High temperature flux series

Fig. 4(a) shows the dependence of composition and kIn on the
group-III ratio for the high temperature ΦIn series. With increasing
ΦIn the composition increases sub-linearly and consequently kIn
decreases with increasing ΦIn. Fig. 4(b) and (c) show 5�5 mm2 AFM
images of the lowest ΦIn sample (0.14 nm/min) and the highest ΦIn

sample (0.86 nm/min), respectively. A low density of cracks was
present for ΦIn¼0.14 nm/min; no indium droplets were present on
any sample in this series.

Fig. 5(a) gives the dependence of kIn on ΦAl for the high
temperature ΦAl series. While the InN fraction decreased with
increasingΦAl, it decreased significantly less than predicted by the
changing group-III ratio; therefore, indium evaporation decreased
with increasing ΦAl. This is reflected in Fig. 5(a) by an increase in
kIn with increasing ΦAl. 5�5 mm2 AFM images of the samples in
this series are shown in Fig. 5(b)–(d). Steps are visible in the AFM
image of the sample withΦAl¼0.95 nm/min, shown in Fig. 5(c).

The high temperature ΦIn andΦAl series showed significantly
different behavior than the corresponding low temperature series.
The sub-linear increase in x and linear decrease in kIn with
increasing ΦIn in Fig. 4(a) indicates saturation of indium incor-
poration, accompanied by increased indium evaporation. Several
effects may contribute to indium composition saturation, includ-
ing indium site saturation [37] and indium self-blocking [38]. In

addition, strain-related composition pulling effects may increase
or reduce indium incorporation in tensily or compressively
strained InAlN, respectively. Additional investigation is required
to separate and clarify the indium incorporation mechanisms.

The ΦAl series showed an increase in kIn with increasingΦAl. The
reduction in indium loss is likely due to an indium trapping or
burying effect, as the higher total growth rate allows surface steps to
move more quickly and incorporate a larger fraction of the indium
ad-atoms before they can evaporate. Reduction of evaporating
indium with changing ΦAl will cause a different slope for the
composition versus temperature behavior and higher ΦAl should
allow higher growth temperatures with the same group-III ratio and
composition. Similar growth rate dependent composition effects
have been observed for InGaN grown by MBE and MOCVD [39,40].

Fig. 3. (a) InxAl1�xN composition with increasing substrate thermocouple tem-
perature. 2�2 mm2 AFM scans for samples grown at a substrate temperature of
(b) 600 1C, (c) 680 1C, (d) 720 1C, (e) 770 1C, (f) 800 1C and (g) 815 1C. The rms
roughness (averaged over the wafer for 5�5 mm2 scans) and the presence of
surface cracks is indicated.

Fig. 4. (a) Dependence of the measured InxAl1�xN composition x and indium
incorporation efficiency kIn on the group-III ratio for the high temperature ΦIn

series. The lines are an exponential fit to x and a linear fit to kIn , and are meant as a
guide to the eye. 5�5 mm2 AFM scans of samples with ΦIn of (b) 0.14 nm/min and
(c) 0.86 nm/min, with rms roughness indicated.

Fig. 5. (a) Indium incorporation efficiency kIn for the high temperature ΦAl series.
The line shown is a linear fit to the data. 5�5 mm2 AFM images of the sample with
ΦAl of (b) 0.64 nm/min, (c) 0.95 nm/min and (d) 1.28 nm/min grown at TTC¼815 1C.
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Surface pits are visible in Figs. 4(c) and 5(a) and (b). Line scans
indicate the pits are fairly shallow, with typical depths less than
1 nm. The pit density is approximately 2–3�108 cm�2 for all of
the high temperature grown samples. Upon careful examination of
Fig. 3(f), (g) and (b) small surface depressions can be observed,
having a density similar to the pit density. All samples having pits
have InxAl1�xN composition x40.18 and are under compressive
strain, while the samples tensily strained with xo0.18 have much
smaller surface depressions. Thus the pits may be similar to
V-defects in InGaN, which nucleate on screw component disloca-
tions and can relieve compressive stress via elastic relaxation
[41,42]. Alternatively, higher composition and more compressive
strain may promote surface segregation around the surface per-
turbation caused by screw component dislocations, leading to InN-
rich regions localized on the dislocations that are more prone to
thermal decomposition and subsequent evaporation at elevated
growth temperatures. The pit density is over an order of magni-
tude higher than the nominal TDD. Unless there is significant
dislocation generation at the re-growth interface [29], it is likely
that a screw dislocation is not required for pit formation.

3.4. Optimized InAlN

Fig. 6 shows AFM and XRD data for a sample grown with
the final optimized growth conditions. ΦAl was 0.95 nm/min (the
mid-point from the high temperature ΦAl series) and ΦIn was
0.86 nm/min, and the substrate temperature was increased by
10 1C to adjust the composition. The average rms roughness was
0.19 nm measured on 5�5 mm2 scans, and parallel step edges
were observed suggesting step-flow growth mode.

The XRD scan in Fig. 6(b) shows a large number of Pendellösung
fringes, indicating a high quality InAlN/GaN interface, although XRD
may not be sensitive to short range compositional inhomogeneity

[43]. The InAlN layer peak width is primarily controlled by limited
coherence length broadening due to the low thickness of the film.
However dynamical diffraction simulations [33], with only a single
broadening parameter for both the GaN and InAlN peak, show good
agreement with the XRD measurement.

N-polarity of the InAlN films was confirmed by the observation of a
two-dimensional electron gas (2DEG) on a separate sample with a
20 nm GaN channel, in combinationwith the absence of a 2DEG on any
other sample in this series (which had no GaN cap). In addition, InAlN
layers grown on Ga-polar substrates at the high growth temperatures
used in this study exhibited little to no indium incorporation.

4. Conclusions

N-polar InxAl1�xN growth series independently varying ΦIn

and ΦAl have been grown at temperatures both below and above
the onset of indium desorption. In the low temperature regime the
composition and growth rate are determined by the group-III
fluxes, and are limited by indium droplet formation even for
N-rich conditions. InAlN surface morphology changed from
quasi-3D for low growth temperature grown InAlN to 2D for
samples grown at least 40 1C above the indium desorption transi-
tion temperature. An ΦIn series grown at high temperature
showed increased indium evaporation with increasing ΦIn, indi-
cating saturation of indium incorporation in the absence of droplet
formation. A high temperature grown ΦAl series resulted in supp-
ressed indium evaporation with increasing ΦAl. Optimized growth
conditions resulted in step-flow growth of N-polar InAlN layers
with rms roughness less than 0.2 nm and excellent interfacial
quality as measured by XRD.
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a b s t r a c t

Recent developments with group III nitrides present AlxGa1�xN based LEDs as realistic devices for new
alternative deep ultra-violet light sources. Because there is a significant difference in the lattice parameters of
GaN and AlN, AlxGa1�xN substrates would be preferable to either GaN or AlN for ultraviolet device applications.
We have studied the growth of free-standing wurtzite AlxGa1�xN bulk crystals by plasma-assisted molecular
beam epitaxy (PA-MBE). Thick wurtzite AlxGa1�xN films were grown by PA-MBE on 2-in. GaAs (111)B
substrates and were removed from the GaAs substrate after growth to provide free standing AlxGa1�xN
samples. X-ray microanalysis measurements confirm that the AlN fraction is uniform across the wafer and
mass spectroscopy measurements show that the composition is also uniform in depth. We have demonstrated
that free-standing wurtzite AlxGa1�xN wafers can be achieved by PA-MBE for a wide range of AlN fractions. In
order to develop a commercially viable process for the growth of wurtzite AlxGa1�xN substrates, we have used
a novel Riber plasma source and have demonstrated growth rates of GaN up to 1.8 mm/h on 2-in. diameter
GaAs and sapphire wafers.

& 2015 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

At present there is great interest in the development of ultraviolet
(UV) light sources for solid-state lighting, optical sensors, surface
decontamination and water purification. UV disinfection is one of the
most promising methods for water treatment. Unlike chemical water
treatment it will be fast and easy to use and will not require
hazardous materials. 250 nm deep ultra-violet (DUV) light attacks
the DNA of micro-organisms. Until recently the main UV sources for
such applications were mercury lamps, however, these lamps are
fragile, have a limited lifetime and present a disposal problem due to
the toxic mercury.

Recent developments with group III nitrides allows researchers
world-wide to consider AlxGa1�xN based LEDs as possible new
alternative DUV light sources. If efficient devices can be developed
they will be easy to use, will potentially have a long life time, will not
be fragile and will be suitable for battery operation allowing their use
in remote locations. The first UV LEDs are now being successfully
manufactured using the AlxGa1�xNmaterial system. DUV LEDs require
AlxGa1�xN layers with compositions in the mid-range between AlN
and GaN. For example for efficient water purification the AlxGa1�xN
LEDs need to emit in the wavelength range 250–280 nm. However,
there are significant differences in the lattice parameters of GaN

(a�3.19 Å and c�5.19 Å) and AlN (a�3.11 Å and c�4.98 Å) [1].
Therefore AlxGa1�xN substrates would be preferable to those of either
GaN or AlN for deep ultraviolet device applications, that has stimu-
lated an active search for methods to produce bulk AlxGa1�xN
substrates with variable AlN content.

MBE is normally regarded as an epitaxial technique for the growth
of very thin layers with monolayer control of their thickness. However,
we have recently usedMBE for bulk crystal growth and have produced
layers of zinc-blende GaN up to 100 μm in thickness [2–4]. We have
also demonstrated the scalability of the process by growing free-
standing zinc-blende GaN layers up to 3-in. in diameter.

We have shown that our newly developed PA-MBE process for the
growth of bulk zinc-blende GaN layers can also be used to achieve
free-standing wurtzite AlxGa1�xN wafers [5,6]. Thick wurtzite Alx-
Ga1�xN films with an AlN content, x, from 0 to 0.5 were successfully
grown by PA-MBE on 2-in. GaAs (111)B substrates.

In this paper we will describe our recent results in development
of our PA-MBE approach for the growth of free-standing wurtzite
AlxGa1�xN bulk crystals.

2. Experimental details

Wurtzite (hexagonal) GaN and AlxGa1�xN films were grown on
different substrates by plasma-assisted molecular beam epitaxy
(PA-MBE) in a MOD-GENII system [2–6]. 2-in. diameter sapphire
and GaAs (111)B substrates were used. The active nitrogen for the
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growth of the group III-nitrides was provided by RF activated
plasma sources. We compared different nitrogen plasma sources
for the growth of thick wurtzite GaN and AlxGa1�xN films includ-
ing a standard HD25 plasma source from Oxford Applied Research
and a modified novel high efficiency plasma source from Riber.

A GaAs buffer layer was grown on the GaAs (111)B substrates in
order to improve the properties of the AlxGa1�xN films. A thin GaN
buffer was deposited before the growth of the AlxGa1�xN layers of
the desired composition. All the AlxGa1�xN layers were grown
under strongly group III-rich conditions in order to achieve the
best structural quality layers. In the current study the AlxGa1�xN
layers were grown at temperatures of �700 1C.

Thick (�10 μm) AlxGa1�xN layers were grown by MBE on GaAs
substrates and the GaAs was subsequently removed using a chemical
etch (20 ml H3PO4:100 ml H2O2) in order to achieve free-standing
AlxGa1�xN wafers. From our previous experience with MBE growth of
zinc-blende GaN [2–4], such a thickness is already sufficient to obtain
free-standing GaN and AlxGa1�xN layers without cracking and at the
same time it does not require very long growth runs. To increase the
thickness even further to 50–100 μm is merely a technical task, which
we have shown earlier is possible. Therefore, for this demonstration of
the feasibility of the method, we have chosen to grow the majority of
the bulk wurtzite AlxGa1�xN layers �10 μm thick.

The structural properties of the samples were studied in-situ
using reflection high-energy electron diffraction (RHEED) and after
growth ex-situ measurements were performed using X-ray diffrac-
tion (XRD). To investigate the optical properties of free-standing
AlxGa1�xN layers we have studied photoluminescence (PL) and
cathodoluminescence (CL). The PL was excited by a quadrupled tune-
able ps Ti:Sapphire laser operating at 190–330 nm. The CL was
measured using a telescopic collection system on field emission
gun scanning electron microscope [7].

We have studied Al incorporation in the AlxGa1�xN layers by
secondary ion mass spectrometry (SIMS) using Cameca IMS-3F
and IMS-4F systems and by electron probe microanalysis (EPMA)
using a Cameca SX100 apparatus.

3. Results and discussion

At the first stage we carried out PA-MBE growth of thin (�1 μm)
wurtzite AlxGa1�xN layers on two-in. diameter (111)B GaAs substrates
for AlN fractions ranging from 0 up to 0.5. This substrate orientation
was chosen in order to initiate the growth of the hexagonal phase of
material. Wurtzite GaN buffers, of thickness �50 nm, were deposited
before the growth of all the AlxGa1�xN layers. As expected, in 2θ–ω
XRD plots, with increasing Al content we observed a gradual shift of
the position of the AlxGa1�xN XRD peak to higher angle. PL and CL
studies confirmed an increase of the band gap of AlxGa1�xN layers
with increasing Al content.

Based on these results then grew �10 μm thick wurtzite Alx-
Ga1�xN layers under similar growth conditions with x ranging from
0 up to 0.5. Fig. 1 shows a 2θ–ω XRD plot for a 10 μm thick free-
standing wurtzite AlxGa1�xN. The GaAs substrate had been chemically
removed from the substrate after growth. In XRD studies we have
observed a single peak at �35 degrees, which is the correct position
for a wurtzite AlxGa1�xN layer. Using Vegard's law, we can estimate
the composition of the AlxGa1�xN layer shown in Fig. 1 to be x�0.1.
The value of AlN fraction in this AlxGa1�xN layer was also confirmed
by EPMA measurements. From high resolution XRD scans we can
estimate the zinc-blende fraction, which in this case was below our
detection limit (o0.1%). It is important to note that for AlxGa1�xN
layers with a similar composition (x�0.1), but with a thickness of only
�0.5 μm the FWHM was similar. This data confirms that we are able
to sustain the same good structural quality of wurtzite AlxGa1�xN
layers, whilst increasing the thickness from the very thin layers up to

�10 μm. This is a very significant result, because it shows that MBE
can be a viable method for the growth of bulk free-standing wurtzite
AlxGa1�xN crystals.

From XRD data the dependence of the lattice constants for
AlxGa1�xN were measured as a function of the AlN content and the
results for c-lattice are shown in Fig. 2. The estimated AlxGa1�xN
composition data were later confirmed by EPMA studies. On the
figure we have also plotted c-lattice constants for GaN and AlN [1]
and a linear estimate for AlxGa1�xN alloys c-lattice constants using
Vegard's law. Fig. 2 shows that c-lattice parameter for free-
standing AlxGa1�xN layers decreases linearly with decreasing AlN
content in good agreement with Vegard's law.

We have investigated reciprocal space maps and rocking curves
for this series of samples and observed a gradual increase in
FWHM ω and decrease in XRD peak intensity with increasing AlN
fraction in AlxGa1�xN layers from 0 to x�0.5. The intensity of the
XRD peak is still strong and the FWHM ω is relatively narrow for
all AlxGa1�xN layers, which confirms that MBE can be used as a
method for the growth of bulk wurtzite AlxGa1�xN crystals for a
wide range of the Al compositions.

The depth uniformity of Al incorporation into the AlxGa1�xN
layers was studied using SIMS. Fig. 3 shows SIMS profiles for Al, Ga,
As and N at the centre of free-standing AlxGa1�xN layer with x�0.3
on the side previously in contact with the GaAs substrate. After
sputtering through the initial GaN layer we have observed a uniform
distribution of Al, Ga and N within the bulk of AlxGa1�xN layers with
different AlN fractions. There is no significant As incorporation into
the bulk of AlxGa1�xN layers, which was confirmed by the fact that
the As signal is at the background level of the SIMS system.

In order to study the lateral distribution of the elements across
the 2-in. diameter AlxGa1�xN wafer, we have performed EPMA
studies on the surface of the AlxGa1�xN crystal previously attached
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Fig. 1. A 2θ–ω XRD scan showing the 0002 peak at the centre of a �10 mm thick
2-in. diameter free-standing wurtzite AlxGa1�xN layer with composition x�0.1.
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to the GaAs substrate. Wewere able to achieve a uniform distribution
of Al content across the diameter for the central part of the 2-in.
AlxGa1�xN wafer. However, close to the edge of the wafer the Al
distribution becomes less uniform, with the maximum Al content
close to the edge of the wafer. This is similar to EPMA results from
zinc-blende AlxGa1�xN wafers and can be attributed to the strong
dependence of the Al incorporation on the group III:N ratio during
MBE [5,6]. In our case we have slightly more group III-rich conditions
at the edges of the 2-in. wafer due to temperature non-uniformity.

The maximum GaN and AlxGa1�xN growth rate in our MBE
system is limited by the efficiency of our HD25 nitrogen plasma
source. In the current MBE configuration the maximum growth rates
for HD25 were less than 1 mm/h. Recently, Riber has developed a
novel plasma source for the fast growth of GaN layers. Riber have
modified the construction of the source and optimised the pyrolytic
boron nitride (PBN) crucible and PBN aperture arrangement. The first
tests of the novel Riber source were performed for the growth of very
thin GaN layers grown for 5 min on small wafers [8]. The authors of
that work demonstrated that with this novel source it was possible to
achieve GaN growth rates up to 2.65 mm/h [8].

We have installed this novel Riber source in our custom designed
MBE system. Growth of GaN layers was performed on large area 2-in.
sapphire (0001) wafers. In this study, all the GaN layers were grown
for 2 h, which was significantly longer than in the earlier study [8]. The
transition from N-rich to Ga- rich growth was also investigated. The N
flow rate was fixed at 3 sccm, which was established to be an optimal
N flow rate for efficient performance of the novel Riber source [8]. A
fixed RF power of 500W was used in all our experiments.

Fig. 4 shows the dependence of the growth rate for GaN layers
grown on 2-in. sapphire for different Ga fluxes. We measured the
thickness of the GaN layers after growth by an optical interference
method. Under N-rich conditions we observed a clean surface and
the growth rate increased linearly with increasing Ga flux. Under
strongly Ga-rich growth conditions we observed Ga droplets on
the surface and a fixed growth rate, so in this regime the growth is
limited by the amount of active nitrogen. The dependence in Fig. 4
is in excellent agreement with the classical papers on the kinetics
of PA-MBE of GaN [9]. The highest growth rate achieved under
these growth conditions was 1.8 mm/h, which is in agreement with
the earlier Riber results on the very thin GaN layers [8].

For the growth of free-standing GaN and AlxGa1�xN layers we
normally use GaAs substrates [2–4]. Therefore, we checked the
performance of Riber source for the growth of GaN layers on GaAs
(111)B substrates and have obtained results similar to the growth on
sapphire shown in Fig. 4.

Fig. 5 shows the thicknesses of three wurtzite GaN layers grown for
2, 4 and 6 h respectively on 2 in. GaAs (111)B substrates. The N flow
was kept at 3 sccm and the Ga flux was fixed at a BEP �2.8�

10�7 Torr. This Ga flux value allowed us to stay under slightly Ga-rich
conditions during the growth, as can be seen from Fig. 4. We have
checked the stability of the GaN growth rate during the PA-MBE
process. We observed a linear increase in the GaN thickness with time
as expected and so GaN layers with a thickness of �10 mm can be
obtained in 6 h. We have demonstrated previously [2–6] that for the
use as a substrate the GaN layer thickness needs to be greater than
50 mm. With the new Riber source we can achieve such a thickness in
less than 2 days growth, and that makes the production of wurtzite
AlxGa1�xN a commercially viable process.

4. Summary and conclusions

We have studied the growth of free-standing wurtzite AlxGa1�xN
bulk crystals by PA-MBE. Thick wurtzite AlxGa1�xN films were grown
by PA-MBE on 2-in. GaAs (111)B substrates and were removed from
the GaAs substrate after growth to provide free standing AlxGa1�xN
samples. EPMA measurements confirm that the Al content is uniform
across the wafer and SIMS measurement show that the composition is
also uniform in depth. We demonstrated that free-standing wurtzite
AlxGa1�xN wafers can be achieved by PA-MBE for a wide range of AlN
fractions. In order to develop a commercially viable process for the
growth of wurtzite AlxGa1�xN substrates, we used a novel Riber
plasma source and have demonstrated growth rates of GaN up to
1.8 mm/h on 2-in. diameter GaAs and sapphire wafers.
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a b s t r a c t

Films of gallium nitride were grown at varying growth speeds, while all other major variables were held
constant. Films grown determine the material impact of the high flux capabilities of the unique nitrogen
plasma source ENABLE. Growth rates ranged from 13 to near 60 nm/min. X-ray ω scans of GaN (0002)
have FWHM in all samples less than 300 arc sec. Cathodoluminescence shows radiative recombination
for all samples at the band edge. In general material quality overall is high with slight degradation as
growth speeds increase to higher rates.

& 2015 Published by Elsevier B.V.

1. Introduction

Over the past two decades gallium nitride has reached maturity
as a technologically pivotal semiconductor. The uses for GaN range
from power electronics, to high electron mobility transistors, and
to light emitting diodes [1,2]. Currently, material for all of these
applications has been predominantly produced by metal organic
vapor phase epitaxy (MOVPE).

Molecular beam epitaxy (MBE) has unique advantages over
MOVPE due to its inherent lower background contamination,
ability to make abrupt stops in incoming growth species (impor-
tant for sharp quantum wells), and kinetically driven capability to
access metastable phases that are not available to growth pro-
cesses of thermodynamic equilibrium. However, any commercial
interest in MBE based growth of GaN has been passed over due to
slow growth rates that make it hard to meet demand thus
challenging the economics of an MBE based industry. These slow
growth rates are mostly due to the low fluxes of active nitrogen
associated with conventional plasma nitrogen sources [3].

The Energetic Neutral Atom Beam Lithography and Epitaxy
(ENABLE) plasma source developed at Los Alamos National Labora-
tory (LANL) is a unique source. ENABLE is capable of delivering a
high flux of neutral nitrogen atoms (or other gases as well) as the
active species to the surface of a wafer [4]. This technique has the
potential to keep pace with the Ga fluxes supplied by the industry

standard Ga effusion cells. This should lead to higher growth
speeds for gallium nitride films by MBE. These high speed growth
rates and their effects on structural and luminescent properties
will be explored herein.

2. Experimental

Film growth was performed in a custom built MBE chamber.
This chamber exhibited a background pressure of 3.1�10�9 Torr
during the time prior to sample growth. Samples are thermally
heated by radiative transfer from a pyrolytic boron nitride (PBN)
heater plate 5 mm offset from the back of the wafer. Samples are
rotated during growth at 5 rpm to promote film uniformity.
Reflection high energy electron diffraction (RHEED) is used to
monitor the condition of the crystal surface. A residual gas
analyzer (RGA) is used to measure partial pressures of relevant
gases: N, NH3, H2O, Ar, and CO2. Transients of each signal are used
to determine deviations from stoichiometry. A gallium beam is
supplied to the surface of the sample from a Veeco SUMO thermal
evaporator. This provides high quality Ga flux uniformity across
the wafer surface. [5] A nitrogen beam is supplied to the sample
from the LANL built ENABLE source.

The ENABLE source uses a focused infrared laser (λ¼10.6 mm)
to sustain a plasma in an antechamber. Mass flow controllers are
used to create a source gas mixture of Ar and N2. The flow rate of
the N2 controls the flux of N atoms in the beam. The beam is
created when the focused plasma is inserted into a supersonic
nozzle. The expansion from this nozzle passes through several
apertures and is introduced into the main growth chamber. This
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creates a beam of neutral nitrogen atoms with kinetic energies
tunable from 0.5 to 3.0 eV [6].

Samples were grown on two-inch c-plane oriented α-Al2O3

wafers. Wafers were outgassed for 30 min at 900 1C followed by
nitridation at 350 1C for 30 min. An aluminum nitride buffer layer
was grown at 850 1C for 10 min at a nominal growth rate of 15 nm/
min. Subsequently, the GaN layer was grown for 10 min at 850 1C
with varying growth rates. Growth rates were based on a nominal
growth of 15 nm/min for a Ga cell base temperature of 950 1C.
Samples were also grown with the Ga cell base temperature at
1000 and 1050 1C. Under the assumption that the ratio of vapor
pressures (based on Eq. (1), where T is in Kelvin and P is in
atmospheres [7]) at these temperatures will produce an equivalent
ratio in Ga flux to the sample surface it was estimated that the
growth rates should be 30 nm/min and 60 nm/min, respectively.
Growths were not investigated at higher speeds due to concerns of
the Ga cell spitting above 1050 1C. However, it should be noted
that the ENABLE source was only running at 20% nitrogen capacity
for the fastest growth. In keeping consistency with other growth
protocol on this tool (focused on In-rich InGaN [8]) films were
grown in a slightly nitrogen rich regime. This was verified by
monitoring the transient of the nitrogen signal in the RGA after
metal shuttering

lnðPGa;vapÞ ¼
�14;900

T
�0:515 lnðTÞþ7:34 ð1Þ

The thickness and surface roughness of the samples were
measured using a J.A. Woollam variable angle spectroscopic
ellipsometer. Incident light with wavelengths ranging from 400
to 800 nm was used. The resulting data was fitted to n (index of
refraction) and k (extinction coefficient) values for GaN and AlN.
Surface roughness at the AlN-GaN interface was assumed to be
negligible. This assumption was based on the RHEED pattern of the
AlN layer showing strong surface reconstruction, indicative of a
near atomically flat surface.

Structural properties of the samples were characterized using a
PANalytical MRD high resolution X-ray diffractometer (HRXRD). A
hybrid X-ray mirror with asymmetrical Ge (220) 4-bounce crystal
produces an incident Cu Kα1 X-ray beam with λ¼0.1540598 nm
and 19 arc sec divergence. A triple crystal scheme (TC) utilizing a
three-bounce Ge(220) analyzer crystal in front of the detector was
used to collect high resolution ω–2θ and ω scans to separate
coherent and diffused scattered radiation. A double crystal
scheme (DC) with only a receiving slit on the detector was used
to perform rough alignments and collect ω–2θ and ω-scans.
A JEOL JSM 6300 scanning electron microscope (SEM) equipped
with MonoCL2 cathodoluminescence spectrometer was used to
measure the optical properties of the samples.

3. Results and interpretations

Ellipsometry values for roughness and thickness are presented
in Table 1. Most of these values track well with the X-ray
diffraction based calculations. Both of the measured values trail
the vapor pressure curve approximations. The offset in growth
rates is due to the slight inaccuracy of the known growth rate. The
reference growth rate was thought to be 15 nm/min, but these
conditions yielded a growth rate of 13 nm/min.

A symmetric ω–2θ scan of all three samples is shown in Fig. 1.
The GaN (0002) and AlN (0002) can be clearly seen, with no
irregular phases present. Additional scans (not shown here)
included the Al2O3 (0006) substrate peak. These scans confirmed
that measurements were made with the sapphire peak well
aligned in the diffractometer at 2θ¼41.671. The high resolution
TC ω-2θ scan resolves interference fringes (i.e. Pendellosüng
fringes) about the main diffraction peaks. The angle spacing of
the fringes can be used to estimate the layer thickness [9]. The
fringes around the AlN peak correspond to a thickness of �160 nm
for all three films, and hence a growth rate of 16 nm/min. The GaN
peaks for the “15 nm/min” and “30 nm/min” both have fringes,
while the “60 nm/min” does not due to increased volumetric
structural deteriorations. The interference fringes on the former
two correspond to thicknesses of 132 and 275 nm, respectively.
These values come from growth rates of 13.2 and 27.5 nm/min for
the nominal “15 nm/min” and “30 nm/min” respectively. This is in

Table 1
Lists XRD and Ellipsometry measurements for the films. The “Coh. FWHM” column represents the full-width-half-maximum (FWHM) of a Gaussian peak representative of
the narrow coherent peak for the TC ω-scans. The “Diff. FWHM” represents the FWHM of the complimentary broad diffuse peak from the same de-convolution process of TC
ω-scan. The “DC FWHM” values are taken from ω-scans with double crystal scheme and no receiving slits.

X-ray diffraction Ellipsometry

2θ Pos. Coh. FWHM Diff. FWHM DC FWHM Thicknessa Thicknessb Roughness

“15 nm/min” AlN 35.921 0.00221 0.03531 0.02901 160 nm 177 nm –

GaN 34.411 0.00251 0.04701 0.03961 132 nm 134 nm 3.0 nm
“30 nm/min” AlN 35.981 0.00291 0.03331 0.03601 154 nm 163 nm –

GaN 34.501 0.00291 0.06021 0.05101 275 nm 283 nm 4.5 nm
“60 nm/min” AlN 35.961 0.00361 0.03341 0.03501 160 nm 181 nm –

GaN 34.571 0.00341 0.03431 0.02801 – 782 nmc 15.3 nm

a Thicknesses from XRD.
b Thicknesses from ellipsometry.
c The thickness for the “60 nm/min” speed GaN does not follow the trend of the other two that is falling just short of the vapor pressure approximation. This value

produced a high mean-squared error and is likely off due to surface roughness and non-ideal n and k values.
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Fig. 1. Semi-log plots of ω-2θ scans taken with the TC schematic, resolving the
interference fringes on the main diffraction peak. Since these scans are symmetric
the ω-2θ schematic is equivalent to θ–2θ scans.
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close agreement with the initial vapor curve based approxima-
tions, and nearly identical agreement with the ellipsometry data. If
it was to be assumed that the “60 nm/min” sample follows the
same trend it would have a thickness of 550 nm and a growth rate
of 55 nm/min. It is a noteworthy trend that the Pendellosüng
fringes become more diffuse with faster growth rates. This is likely
due to increased bulk defect densities with increased growth rates,
defects which may not show up in ω-scans.

Fig. 2 shows semi-log plots of ω-scans about the GaN (0002)
peak, taken with the double crystal and triple crystal schematic,
respectively. The ω-scan with the double crystal schematic was
collected with no receiving slits. The triple crystal schematic uses
the analyzer crystal to separate coherent diffraction of the lattice
planes from diffuse radiation due to crystal imperfections. These
scans have been de-convoluted into two Gaussian peaks repre-
senting the coherent and diffuse components. The FWHM for each
of these component peaks is listed in Table 1. For the double
crystal and diffuse scattered radiations the FWHM is never wider
than 0.0831 or 300 arc sec. This value been classically assigned as a
benchmark for device grade GaN. There have been accounts that
narrower peaks can lead to material with worse device quality
[10]. Additional characterization of background carrier concentra-
tions, TEM, and polarity measurements would indicate if this is
valid for these samples.

Cathodoluminescence (CL) spectra of the three samples, taken
at 295 K, are shown in Fig. 3. The “60 nm/min” sample exhibits a
near-band-edge emission (NBE) at 364 nmwith a FWHM of 11 nm.
Two additional broad emissions are observed at �450 (blue) and
575 nm (yellow). The origin of the latter band is associated to
nitrogen vacancies [11]. As the growth speed decreases, the
intensity of the NBE and of the yellow band quench. A decrease
in the yellow band luminescence may be associated to a decrease
in the nitrogen vacancy density (i.e. material grows more stoichio-
metrically). CL images taken at the NBE emission of the three
samples are shown in Fig. 3. We observe an improvement in the
film surface quality from large grains (�500 nm) to smooth
surfaces as the growth speed decreases. For example, Fig. 3
(“30 nm/min”) exhibits bright and dark regions. The dark regions
correspond to regions with lower NBE intensity, possibly due to
lower crystalline quality. The decrease in the NBE for the lowest
growth speed sample may be explained by a lower background
carrier concentration.

4. Conclusion

The use of the source technology ENABLE has been implemen-
ted in an MBE chamber to deliver high fluxes of active nitrogen for
growth of gallium nitride. These high fluxes have been used to
investigate nominal growth rates of 15, 30, and 60 nm/min. These
films have been characterized by ellipsometry, X-ray diffraction
and cathodoluminescence. Structures all show narrow FWHM for
ω-scans of (0002) GaN and interference fringes on the AlN buffer
layer. The nominal 15 and 30 nm/min films show interference
fringes around the ω-2θ GaN (0002) peak, indicating high vertical
coherence of these films. The 60 nm/min film shows no
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Fig. 2. The top graph depicts the GaN(0002) DC “no slit” ω-scans of all samples.
Peaks show a slight asymmetry. In the “15 nm/min” sample this is due to
interference fringes. The bottom graph shows TC ω-scans of the same peaks. Strong
coherent peaks are flanked by wide diffuse peaks. The shape of the diffuse tails of
the red RC suggest co-existence of two different types of crystal defects in the
volume of GaN layer.
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interference fringes and broader almost diffuse ω-scans, indicating
that at high growth speeds the crystal quality is more deteriorated.
This trend is also seen in the ellipsometry fittings. Both the
ellipsometry fittings and the interference fringe spacing give good
agreement for thicknesses in the “15 nm/min” and “30 nm/min”
sample thicknesses. Real rates were slightly slower than antici-
pated, 13 and 28 nm/min. However, the relative ratio for the rates
was as expected.

All samples show band edge or near band edge emission in the
cathodoluminescence measurements. This indicates that the
growth rates can be pushed to high speeds while still sustaining
crystal quality good enough for photo-active material. Some broad
low intensity emissions in the blue and yellow range start to
show up for the 60 nm/min GaN, likely due to deviations in
stoichiometry.

The characteristics of stable growth rate, narrow rocking
curves, and photoactive material are all promising results. They
indicate that using ENABLE as a source of active nitrogen species,
nitride MBE can achieve growth of respectable material at growth
rates up to at least 55 nm/min. This rate of 3.3 mm/hr was achieved
with the ENABLE source at 20% of maximum nitrogen capacity
opening the possibility for MBE to achieve even faster nitride
based growth.
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a b s t r a c t

Low temperature growth of AlN from 470 1C down to room temperature has been studied by RF-plasma
assisted molecular beam epitaxy (PAMBE). Partially amorphous AlN was achieved at growth tempera-
tures below 250 1C. We demonstrate the application of the low temperature (LT-) AlN as an in-situ
surface passivation technique for III-nitride based high electron mobility transistors (HEMTs). High 2DEG
densities 42�1013 cm�2 and sheet resistance o250 Ω/□ at room temperature were first obtained for
MBE grown AlN/GaN HEMT structures with thin high temperature AlN barrier, then capped with LT-AlN
(o4 nm). Using this novel technique, low DC–RF dispersion with gate lag and drain lag below 2% is
demonstrated for an AlN/GaN HEMT.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

MBE growth of AlN at low temperature (o600 1C) has not been
explored and a systemic study of it is still missing. Epitaxial growth
of high quality single crystal AlN is possible at high temperatures,
preferably above 700 1C using metal–organic chemical vapor
deposition (MOCVD) or MBE. This is due to the fact that Al has
low adatom mobility at low growth temperatures. In contrast, low
temperature growth of AlN is common in other thin film deposition
techniques, such as, atomic layer deposition (ALD), plasma
enhanced chemical vapor deposition (PECVD) or sputter deposition.
The quality of the AlN films obtained by these techniques differs
from the MBE or MOCVD grown AlN in terms of crystallinity. MBE
and MOCVD are employed to achieve single crystal AlN. On the
other hand, ALD, PECVD or sputtering techniques are used for
applications in which single crystal AlN is not essential.

In this work, we perform a systematic study of low temperature
MBE growth of AlN. We investigate the possible application of MBE
grown LT-AlN as an in-situ surface passivation layer for perfor-
mance enhancement of III-nitride HEMTs. Although reports of
various passivation techniques exist in literature [1–6], further
improvement is desired. DC–RF dispersion in HEMTs is an issue
still to be addressed effectively by the III-nitride community [7]. AlN
has a wide bandgap (�6.2 eV) and a high thermal conductivity
(285W/m/K for wurtzite single crystal) [8]. Its unique properties
make it a strong candidate compared to other materials typically

chosen for III-nitride surface passivation [1–4]. Furthermore, in-situ
passivation within the ultra high vacuum environment of MBE
prevents the surface from being exposed to atmosphere/moisture
before it is passivated. Therefore, MBE offers an advantage over
other tools used for ex-situ passivation, for example, ALD or PECVD.
To the best of our knowledge, the MBE grown LT-AlN, and its
application for in-situ passivation of III-nitride surfaces have not
been reported yet. The aim of this work is to provide some insight
into this rather unexplored field of III-nitride research.

2. MBE growth of low temperature AlN

All III-nitride growths in this work were performed using a
Veeco Gen 930 RF-plasma assisted MBE system. The growths were
done along the [0 0 0 1] direction on c-plane substrates. Reflection
high-energy electron diffraction (RHEED) was used for in-situ film
characterization. For ex-situ structural characterization of the MBE
grown films, Atomic Force microscopy (AFM), X-ray diffraction
(XRD) and Transmission electron microscopy (TEM) were used.

2.1. AlN films grown at different temperatures

The goal of the first experiment was to study the change in
structural properties of AlN as a function of the growth tempera-
ture. A series of AlN/GaN (15/50 nm) films were grown on semi-
insulating (SI) GaN on Sapphire templates prepared by MOCVD.
The growth of 50 nm GaN was performed under slightly metal-
rich conditions at TTc�660 1C as measured by the thermocouple.
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The excess Ga was desorbed in-situ at TTc�700 1C before growing
the AlN layer. Five 15 nm thick AlN layers were grown at TTc�800,
660, 470, 250 1C and at room temperature (RT) with Al/N flux �1.
A growth interruption (GI) was applied to reach the desired
temperature before growing the AlN layer. A growth rate of
�180 nm/h was used with a RF-plasma power of 190 W and a
nitrogen flow rate of 1.1 sccm.

To characterize the films, ω–2θ scan along the 002 reflection
were performed using XRD. The presence of the AlN peaks in
addition to the GaN substrate peaks are observed in all 5 samples
(Fig. 1). However, the FWHM of the AlN peak increases with
decreasing growth temperature. This is expected as the quality of
the single crystal AlN degrades at lower growth temperature and
the film becomes less oriented along the c-axis. Due to the �2.4%
lattice mismatch, AlN grown on GaN is tensile strained and beyond
a critical thickness of �6.5 nm it starts to crack [9]. In this
experiment, the thickness of the AlN films grown on GaN was
larger than the critical thickness. AFM images show cracks on the
surface of the 15 nm AlN layers grown at TTc�800, 660 and 470 1C
(Fig. 2a–c, respectively). The density of the cracks reduces by more
than 50% as TTc is lowered from 800 to 470 1C. No cracks are
observed on the surface of the 15 nm AlN grown on GaN at
TTc�250 1C and at RT (Fig. 2d and e). A possible explanation of
this observation would be the difference in thermally-induced
stress in AlN when grown on GaN at different temperatures. Figge
et al., experimentally calculated the thermal expansion coefficient
of wurtzite AlN as a function of temperature [10]. Based on their
hypothesis, the mismatch between the in-plane lattice constants
of AlN and GaN induced only by thermal expansion is maximum

(�0.055%) at a temperature of �700 K (427 1C). As temperature is
decreased beyond this value, the thermally-induced mismatch
decreases monotonically. So, a low growth temperature as
opposed to conventional high temperature (4600 1C) may reduce
the possibility of crack formation as the substrate is cooled down.
The AFM image in Fig. 2d shows presence of pits on the AlN
surface for TTc�250 1C. However, no pits are observed and atomic
steps do not appear on the surface of the AlN grown at RT (Fig. 2e)
unlike high quality single crystal AlN. The RMS roughness of the
AlN film is plotted as a function of growth temperature in Fig. 3.

2.2. AlN growth below 250 1C

To further study the crystal quality of AlN grown at low
temperature (TTco250 1C), the following experiment was per-
formed. A 15 nm thick AlN film was grown at RT under slightly
N-rich regime on a GaN on sapphire template. The Al/N flux ratio
was �0.97. Under similar growth condition, a thicker (�200 nm)
AlN film was grown on a similar template. A control sample was
prepared by growing 15 nm AlN at a high temperature of
TTc�660 1C on a similar substrate. In-situ measurement by RHEED
showed 1�1 reconstruction for the GaN substrate and the high
temperature (HT-) AlN oriented along the c-axis. On the other
hand, diffused ring like features were observed in RHEED for the
AlN films grown at RT. This indicates polycrystalline quality of the
films near the surface. The ω–2θ scan along the 002 reflection
(Fig. 4) shows the AlN peak only for the control sample. The
absence of AlN peak for the other two samples suggests that the
RT AlN is not oriented along the [0 0 0 1] direction and is partially
or fully amorphous [11].

AFM scans over large (400 μm2) and small (4 μm2) areas reveal
that the surface roughness is relatively higher for the 200 nm thick
film compared to the 15 nm film (Fig. 5). A relatively higher
density of accumulated metal is observed on the surface of the
thicker film (Fig. 5a and b). However, both 15 and 200 nm films
show RMS roughness o1 nm over small areas (Fig. 5c and d). The
lack of adatom mobility of Al at room temperature leads to the
formation of occasional voids and accumulation of Al on the
surface. For thicker films this effect is more pronounced. Further
studies by varying the Al/N flux ratio in N-rich regime and by
applying shutter modulation method may lead to a better under-
standing of the surface roughness limits of PAMBE grown RT AlN.

To further analyze the structural property of LT-AlN grown on
different substrates, the following experiment was performed.
MOCVD grown AlN on sapphire and SI GaN on sapphire were chosen
as the substrates. The substrates were co-loaded into the reactor
chamber and �130 nm LT-AlN films were grown. The targeted
growth temperature was TTc�160 1C. Al/N flux ratio was �1. The
RF plasma power was set to 275W with a nitrogen flow rate of
1.25 sccm to achieve a growth rate of �260 nm/h. A ω–2θ scan along
the 002 reflection was performed for the 130 nm LT-AlN film grown

Fig. 1. ω–2θ scan along the 002 reflection for the series of 5 samples show peak for
15 nm AlN grown at different temperatures on GaN.

Fig. 2. AFM scan over an area of 4 μm2 shows the surface morphology of the 15 nm AlN grown at different temperatures on GaN.
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on SI GaN substrate. The AlN peak was absent. Cross-section TEM
image confirms that continuous films of �130 nm LT-AlN were
grown on both substrates with no preferential orientation. The
coexistence of polycrystalline and amorphous regions within the
LT-AlN film is manifested in both samples (Fig. 6b and c). The inset
of Fig. 6c shows the Fast Fourier Transform (FFT) for the region
highlighted in the LT-AlN film. The FFT represents the diffraction
pattern of that region and confirms the presence of amorphous
region in the LT-AlN film. It was also confirmed by TEM (not shown)
that the growth rate of AlN at the low temperature remains same as
that at high temperature with Al/N flux ratio �1.

3. Application of MBE grown LT-AlN in HEMT

With a goal to demonstrate the application of MBE grown LT-AlN
in HEMTs a series of AlN barrier GaN HEMT structures were grown
by MBE with an additional LT-AlN (o4 nm) cap layer. The HEMT
structures grown underneath the LT-AlN cap consisted of GaN/HT-
AlN/GaN/HT-AlN (� 2/3.5/250/1 nm) layers with70.5 nm variation
in the HT-AlN barrier within the series of samples. 1 cm�1 cm
pieces of MOCVD grown SI GaN on sapphire were chosen as the
substrate. A growth temperature of �665 1C was used for all the

layers of the HEMT structures and GI was applied before growing the
LT-AlN cap. The HT-AlN barrier and the buffer GaN layer were grown
under slightly metal rich condition and N-rich conditionwas used for
the HT-AlN nucleation layer. Indium dot contacts were formed on the
as-grown HEMT structures for the Hall-effect measurement. Decently
high 2DEG densities exceeding 2�1013 cm�2 with mobility
�1000 cm2/V/s and sheet resistance below 250 Ω/□ were measured
at room temperature for all the samples. The Hall-effect data
measured at room temperature and 77 K are illustrated in Figs. 7a
and 6b. These data indicate that the LT-AlN cap layer does not have
adverse effect on the carrier transport properties of the 2DEG
channel formed at the HT-AlN/GaN interface. Therefore, the 2DEG
channels can be employed to fabricate high performance AlN/GaN
HEMTs. HEMTs with annealed Ti/Al/Ni/Au contacts were fabricated
using the heterostructures containing the LT-AlN cap. We report a
maximum current density of �1.6 A/mm at 0 V gate bias and peak
extrinsic transconductance of �420 mS/mm at 6 V drain bias for a
55 nm long, 25 mmwide device. Low DC–RF dispersion was observed
for the as-fabricated device in terms of low gate lag (�1.8%) and
drain lag (�1.4%) from pulsed I–V measurement (Fig. 8a) near
1 MHz. The increase in dynamic on resistance is only �5%. Note
that the relatively lower value of the current density at DC condition
compared to the pulsed condition indicates possible self-heating of
the substrate. This may be due to the low thermal conductivity of the
SI GaN on sapphire substrate. However, the high drain current
density approaching 2 A/mm and the low gate and drain lag
(o2%) are encouraging results for further study of MBE grown LT-
AlN for performance boost of III-nitride HEMTs. The transfer curves
with dual sweep are plotted for drain current, gate current and
extrinsic transconductance (gm) in Fig. 8b for drain bias of 6 V. The
peak gm was measured to be �424 mS/mm at VDS of 6 V. The reason

Fig. 3. RMS roughness obtained from AFM scan of the 15 nm AlN films grown at
different temperatures on GaN.

Fig. 4. ω–2θ scan along the 002 reflection show the absence of AlN peak for 15 and
200 nm AlN grown at RT on GaN templates. The peak for the 15 nm AlN grown at
660 1C on a similar GaN template is present.

Fig. 5. AFM scan over an area of 4 μm2 and 400 μm2 for 15 nm AlN (a, c,
respectively) and 200 nm AlN (b, d, respectively) grown at room temperature on
GaN templates.
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and mechanism of the high gate leakage will be identified in further
studies where the DC performance of AlN/GaN HEMTs with LT-AlN
passivation cap will be compared with control samples having no LT-
AlN cap.

4. Conclusion

Low temperature growth of AlN was studied using PAMBE. Up to
�200 nm of thick crack-free LT-AlN films were grown on GaN
substrate. The presence of partially amorphous regions in 130 nm

thick LT-AlN film was confirmed by TEM. MBE grown LT-AlN was
applied for in-situ surface passivation of AlN barrier GaN HEMT
structures. Upon fabricating 55 nm long, 25 mm wide devices, low
DC–RF dispersion was observed in terms of gate lag and drain lag

Fig. 7. Sheet resistance and mobility as a function of 2DEG density measured for
the as-grown LT-AlN passivated HEMT structures at (a) room temperature (300 K)
and (b) 77 K.

Fig. 6. Schematic of the grown structure is shown in (a). Cross section transmission electron micrographs show presence of partially amorphous regions in 130 nm LT-AlN
grown on (b) AlN substrate and (c) semi-insulating GaN substrate. The inset in (c) shows FFT of the area selected by the square.

Fig. 8. (a) Pulsed I–V measured for an AlN/GaN HEMT for which MBE grown LT-AlN
was applied as in-situ surface passivation. 0.3 μs wide pulses were used with a duty
cycle of 99.94%. The gate is 55 nm long and 25 μm wide, (b) Transfer curves with
dual sweep shown for drain current, gate current and extrinsic transconductance at
a drain bias of 6 V.
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below 2% from pulsed I–V measurements. The HEMT showed a
maximum drain current density of �1.6 A/mm at 0 V gate bias and
peak extrinsic transconductance of �420 mS/mm at 6 V drain bias. To
the best of our knowledge this is the first report of application of MBE
grown LT-AlN in III-nitride HEMTs for in-situ surface passivation.
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a b s t r a c t

A 20 nm-thick AlON buffer layer consisting of Al2O3, graded AlON, AlN, and thin Al2O3 amorphous films
was used to grow AlN on a sapphire substrate by molecular beam epitaxy with radio frequency plasma
for nitrogen source (RF-MBE). Mirror-smooth AlN layers were successfully obtained using this new AlON
buffer layer. The total threading dislocation densities of AlN layers are comparable to those reported for
the high-quality AlN layers grown by RF-MBE using the conventional low-temperature (LT) buffer layer.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

AlN is a promising material for short wavelength light emitting
devices [1] and high-power electronic devices [2]. This AlN layer is
often grown on a sapphire substrate using a LT buffer layer [3,4]. In
our previous paper, we reported that we developed a new AlON
buffer layer to grow a GaN layer on a sapphire substrate [5],
instead of the LT buffer layer. In this method, the composition of
oxygen and nitrogen atoms in the AlON layer is gradually changed
from an aluminum oxide to an aluminum nitride, that is, from a
sapphire (Al2O3) substrate to a nitride compound. Using this
method, we obtained high-quality nitride layers grown by meta-
lorganic vapor phase epitaxy (MOVPE). The undoped GaN shows
resistance higher than 100 k ohm/sheet and AlGaN/GaN hetero-
structure shows high electron mobility of 1760 cm2/V, meaning
that these characteristics are favorable especially for an AlGaN/
GaN heterostructure field effect transistor [6]. In addition to the
growth of such a high quality nitride layer, the growth process
using this AlON buffer layer reduces the growth time and the
number of the growth parameters compared with the two step
growth using a LT buffer layer.

Although this new AlON buffer layer is used to grow a high-
quality GaN layer by MOVPE, it has not been used for the growth
by molecular beam epitaxy (MBE) yet. In this paper, therefore, we
will report the result that we have applied this method to grow
AlN on a sapphire substrate by RF-MBE.

2. Materials and methods

An AlON buffer layer consists of Al2O3, graded AlON, AlN, and thin
Al2O3 amorphous films, which were sputtered on a c-face (0001)
sapphire substrate using electron cyclotron resonance (ECR) Ar-plasma
sputtering at room temperature. The thickness of this buffer layer was
around 20 nm. An AlN layer was grown directly on the AlON buffer
layer in a similar way to the GaN MOVPE growth using an AlON buffer
layer [5]. In the RF-MBE growth, nitrogen gas flow rate of 2 sccm and
RF-plasma power of 500W were used. The growth temperature of
AlN was 800 1C. The thickness of the AlN layer was changed from
0.5 μm to 2 μm to investigate the influence of the thickness on the
threading dislocation density. Scanning electron microscopy (SEM)
was used to observe surface and cross-sectional images of the AlN
layer grown on a sapphire substrate using the AlON buffer layer. X-ray
diffractometry (XRD) was used to characterize the AlN layer. The XRD
ω-rocking curves of symmetric (0002) and skew-symmetric (1–102)
reflections were used to estimate screw and edge threading disloca-
tion densities [7].

3. Results

Using an AlON buffer layer, mirror-smooth AlN layers were
successfully grown by RF-MBE. Fig. 1(a and b) shows surface and
cross-sectional SEM images of 1 μm-thick AlN. These figures show
good surfaces and uniform growth of AlN using the AlON
buffer layer.

Fig. 2 shows XRD symmetric 2θ–ω scan. An AlN (0002)
diffraction peak was observed at 2θ of 36.001, so the c-lattice
constant of the AlN layer is calculated to be 0.4985 nm. Since the
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c-lattice constant of strain-free AlN is 0.4979 nm, the AlN layer has
a compressive strain as is reported on an AlN layer grown on a c-
face sapphire substrate [8].

Figs. 3 and 4 show XRD rocking curves of symmetric (0002) and
asymmetric (1–102) reflections for 1 μm-thick AlN. The full width
at half-maximum (FWHM) values for these two curves are 2412
and 3024 arcsec. Using these values, the screw and edge threading
dislocation densities were calculated to be 1.3�1010 cm�2 and
7.3�1010 cm�2, respectively. These values are comparable to
those reported for the high-quality AlN layer grown using the LT
buffer layer with two 3 nm-thick GaN interlayers [4]. These GaN
interlayers are reported to decrease the threading dislocation

densities effectively [9]. Therefore, the threading dislocation den-
sities obtained in this experiment mean that a high-quality AlN
layer was grown using the AlON buffer layer.

Fig. 5 shows the AlN thickness dependence of the screw and edge
threading dislocation densities. As the thickness increases, the thread-
ing dislocation densities decrease. The total threading dislocation
density of a 0.5 μm-thick AlN was less than 1�1011 cm�3. It was
reported that the total dislocation densities of the 0.25 μm-thick AlN
grown by RF-MBE on a sapphire substrate using the LT buffer layer
exceeds 1011 cm�2 [3], even though this AlN layer was used for
optically pumped lasing at 303 nm, meaning that the quality of this
AlN layer is relatively high for its thickness. Therefore, the quality of

Fig. 1. (a) Surface and (b) cross-sectional SEM images of 1 μm-thick AlN.
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Fig. 2. XRD symmetric 2θ–ω scan of AlN.
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Fig. 3. XRD rocking curve of symmetric (0002) reflection for 1 μm-thick AlN.
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Fig. 4. XRD rocking curve of asymmetric (1–102) reflection for 1 μm-thick AlN.
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the 0.5 μm-thick AlN layer grown using the AlON buffer layer in this
experiment is as high as that of the AlN layer used for optically
pumped lasing.

4. Conclusions

We have applied a new AlON buffer layer to grow AlN on a
sapphire substrate by RF-MBE. This AlON buffer layer is 20-nm
thick and consists of Al2O3, graded AlON, AlN, and thin Al2O3

amorphous films. The surface and cross-sectional SEM images
show that good surfaces and uniform growth of AlN using the
AlON buffer layer. The XRD analysis shows that the total threading
dislocation density is comparable to those reported for high-
quality AlN layers grown on a sapphire substrate by RF-MBE using
the conventional LT buffer layer. After optimizing parameters of
AlN itself in the RF-MBE growth process, the dislocation density is
expected to be decreased further. Therefore, from the results
obtained in this experiment, it can be concluded that the new
AlON buffer layer is promising for RF-MBE growth of high-quality
group-III nitride layers on a sapphire substrate.
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a b s t r a c t

A nano-holes patterned GaN-on-patterned sapphire substrate template has been developed to reduce
the threading dislocation (TD) density in homoepitaxy GaN layer grown by plasma-assisted molecular
beam epitaxy. The grown layers characterized by high resolution x-ray diffraction, photoluminescence,
and cross-section transmission electron microscopy confirm that the TD density of GaN epilayer has
been successfully reduced an order of magnitude to �107 cm�2 by optimizing the depth and coverage
area percentage of patterned nano-holes.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The large energy band gap, high breakdown field, and high
electron saturation velocity of GaN make it useful for optoelec-
tronic, high-speed, and high power device applications. The
majority of current device structures are grown on sapphire, 6H-
SiC, or silicon substrates. The large difference of lattice constants
and thermal expansion coefficients between the substrates and
GaN epitaxial films lead to the generation of a high threading
dislocation (TD) density and even cracks [1–3]. These defects
degrade the performance and shorten the lifetime of devices.
Although 6H-SiC and freestanding GaN are promising substrate
materials with a misfit of less than 3.5%, these wafers are still too
expensive at the moment. Currently, epitaxial GaN is mainly
grown by metalorganic chemical vapor deposition (MOCVD) and
plasma-assisted molecular beam epitaxy (PAMBE). Using appro-
priate nucleation layer allows the reduction of the dislocation
density to the �108 cm�2 range. In general, epitaxial lateral
overgrowth (ELOG) and selective area growth (SAG) are commonly
used techniques in MOCVD to reduce TD density (�106–108 cm�2)
[4–6]. However, it can only reduce TDs regionally such as the wing
region of the ELOG structure [7]. Also, dielectric layers used as the
growth mask may generate stress and incorporated as impurities
in GaN epitaxial films [8]. On the other hand, several groups have
used patterned sapphire substrates (PSS) to reduce TD density
near 108 [9]. In this study, we report PAMBE growth of GaN
epilayer on nano-holes patterned GaN templates without complex
processes. By optimizing the depth and the periodicity of nano-
holes fabricated on GaN-on-PSS templates by NIL, the TD density
of the regrown GaN has been effectively reduced. Improvement of

crystalline quality and decrease of dislocation density are identi-
fied by HRXRD and EPD measurements.

2. Experiment

The 4 mm GaN template with a dislocation density about
3�108 cm�2 is prepared on the c-plane of a 2-in. diameter
patterned sapphire substrate (PSS) by MOCVD. Prior to the growth
of GaN epilayers, nano-hole patterns are fabricated on GaN
templates by nanoimprint lithography (NIL) technique. The homo-
epitaxial growth of GaN is performed in a Veeco GEN20 MBE
system where atomic nitrogen flux is generated from a RF plasma
source that operates at 300–450 W under a nitrogen flow of 0.5–
2 sccm. The group-III Ga flux is supplied by an effusion cell. A 1 μm
thick Ti metal layer is first evaporated on the back surface of PSS in
order to ensure a uniform and efficient heat transfer from the
heater to the substrate. Before loading into the MBE growth
chamber, substrates are first degreased in acetone, rinsed in
methanol, and followed by etched in a solution of HF:DI-water
(1:10) for 2 min. The substrates are then thermally cleaned in the
MBE system at 830 1C for 20 min prior to the growth of 800 nm
GaN layers. All films are grown at a temperature of 750 1C.

In this study, the nano-holes patterned in the GaN template are
used to reduce the TD density of the GaN epilayer. The NIL
technique is used to fabricate nano-hole patterns in GaN templates
[10]. The imprint molds used have square patterns with periodi-
cities of 350, 450, and 750 nm, and diameters of 200, 200, 400 nm,
respectively. The NIL process begins with depositing a SiO2 thin
film on GaN template by plasma-enhanced chemical vapor deposi-
tion as a pattern transfer layer. Next, nano-hole patterns of
different periodicities are transferred to the SiO2 film by NIL
method. Nano-holes of different depths ranging from 100, 200,
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to 300 nm are etched into the GaN template by inductively
coupled plasma etching. The pattern transfer process is finished
by removing the SiO2 layer in hydrofluoric (HF) acid. During the
GaN growth, the two-dimensional growth mode under a slightly
Ga-rich condition (III/V flux ratio¼1.2) is used to promote lateral
growth over nano-holes, where the high adatom mobility helps
recovering the surface smoothness as indicated by streaky reflec-
tion high-energy electron diffraction patterns.

The crystal quality of samples is evaluated by room tempera-
ture photoluminescence (PL) and high-resolution x-ray diffraction
(HRXRD). The 325 nm line of a 45 mW He–Cd laser is used to
excite the sample. The signal is detected by a photomultiplier in a
0.55 m spectrometer with a lock-in amplifier configuration. x-ray
ω scan and rocking curves are measured using a Philips X'PERT
MRD triple-axis diffractometer. Both symmetric (002) and asym-
metric (102) diffractions are investigated to determine the defect
properties of the GaN film. The dislocation density of samples is
determined by counting the etch pits density (EPD) from the
atomic force microscope (AFM) image. Etching is carried out in a
molten KOH at 210 1C for 5 min. The information of dislocation
annihilation by nano-hole voids and the morphology of the
growth evolution are studied using cross-sectional transmission
electron microscopy (TEM). The electron-transparent sample is
examined with JOEL JEM-3000F at 300 kV in conventional and
scanning TEM modes.

3. Results and discussions

In GaN films, TDs can be divided into three categories including
pure screw, mixed, and pure edge dislocations. The predominant
TDs are pure edge TDs perpendicular to the c-axis with Burgers
vectors b in either 71=3 1120

h i
, 71=3 1210

h i
, or 71=3 2110½ �.

The other types of TDs are either pure screw or mixed TDs in
71=3 1123

h i
, which parallel to the c-axis and correlate to the

electrical and optical properties of the material [11–13]. Although
it is difficult to separate these different types of TDs, the HRXRD
rocking curve measurements could be used to investigate the
properties of the GaN material in specific crystallographic planes.
The results of symmetric (002) reflection reveal the density of
pure screw and mixed TDs, and the asymmetry (102) reflections
correlate the pure edge TD density [14]. Additionally, the density
of TDs can be simultaneously calculated by counting EPD of KOH
etched sample surface that reveals pure screw and mixed TDs
[15,16]. In this study, the design parameters including the depths
and periods of nano-hole patterns in GaN templates, the measured
full-width at half-maximum (FWHM) of HRXRD rocking curves in
symmetric (002) and asymmetric (102) reflections of the grown
GaN, and the dislocations density of homoepitaxy GaN films
determined from EPD count are all summarized in Table 1.

In the first series of experiments, the diameter and periodicity
of nano-holes patterns are fixed at 200 and 350 nm, respectively,
while the nano-hole depth is varied ranging from 100 nm (Sample
A), 200 nm (Sample B) to 300 nm (Sample C). Both the FWHM of
(002) and (102) reflections decrease with increasing the depth of
nano-patterned holes from 100 to 300 nm as compared to GaN
templates. Comparing to the GaN template, the narrower FWHM
achieved in sample B for (002) and (102) reflections are 218 and
180 arcsec, respectively, indicating the quality of the GaN material
is improved with a lower TD density [17]. This is confirmed by the
EPD count of 1.2�107 cm�2 in sample B, which is one order of
magnitude fewer than the GaN template (3�108 cm�2). It is clear
that the nano-hole depth of 200 nm is an optimal value for
dislocation reduction. The FWHM of (002) and (102) rocking
curves for all samples having various EPDs are shown in Fig. 1. It
is observed that the (002) FWHM decreases much faster than the

(102) FWHM as the EPD drops, which represents the reduction of
pure screw/mixed TDs is much more efficient than for edge TDs. To
reveal the effectiveness of screw/mixed TD annihilation, the PL
luminescence efficiency is shown in Fig. 2. A stronger PL intensity
is obtained for samples with a lower EPD due to the reduction of
the screw and mixed dislocations which directly link to the density
of nonradiative recombination centers [13,16,18]. The PL spectra of
sample B and the GaN template with the highest and lowest EPDs,

Table 1
The relationships between the geometry of nano-holes patterns in GaN templates,
and the measured FWHMs of HRXRD (002) and (102) rocking curves and EPDs of
samples A, B, C, D, and E. The homoepitaxy GaN samples are 800 nm thick. The
results measured in a 4 mm GaN-on-PSS template are also listed for reference
purpose.

Nano-holes FWHM of HRXRD Etch pits density
(cm�2)

Sample Period
(nm)

Depth
(nm)

(002)
(arcsec)

(102)
(arcsec)

A 350 100 255 201 8.0�107

B 350 200 218 180 1.2�107

C 350 300 236 191 2.0�107

D 450 200 250 206 6.0�107

E 750 200 228 190 2.8�107

Template – – 348 244 3.0�108

Fig. 1. The measured FWHM of (002) and (102) HRXRD rocking curves for all
samples as functions of measured EPDs.

Fig. 2. Measured room temperature PL intensity as functions of EPDs in all samples
using the data of GaN-on-PSS template as the reference.
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respectively, are compared in Fig. 3. The yellow emission band is
not observed even under magnified scale (20� ) from all samples.

Next, we investigate the influence of the percentage of the
surface area covered by nano-holes on the GaN quality. This is
done by varying the periodicity of nano-holes from 350 nm
(Sample B), 450 nm (Sample D) to 750 nm (Sample E) while fixing
the hole depth at 200 nm, which is the best value deduced above.
The diameters of nano-holes used in samples B, D, and E are 200,
200, and 400 nm, respectively. The percentage of hole coverage
areas are calculated to be 24.6%, 15.2%, and 24.5% for samples B, D
and E, respectively, and are tabulated in Table 2. Assuming the
effectiveness of reducing TD density dependents on the percen-
tage of hole covered area, a high percentage of hole coverage is
more effective in reducing the TD density. Again, the HRXRD
rocking curves in specific crystallographic planes are used to
evaluate the reduction of TD density [11]. The FWHM of symmetric
(002) and asymmetry (102) rocking curves for samples B, D, and E
with different hole coverage percentages are compared in Table 1.
Both samples B and E show the narrowest FWHM of 218 and
228 arcsec for (002) rocking curve, and 180 and 190 arcsec for
(102) rocking curve, respectively. It confirms that the sample with
a high percentage of hole area coverage leads to a narrow HRXRD
FWHM, which corresponds to a low defect density. Samples B and
E also show lower EPDs of 1.2�107 cm�2 and 2.8�107 cm�2

comparing 6�107 cm�2 for sample D. Therefore, the improve-
ment of the quality on the GaN material is associated with the
percentage of hole area coverage. The surface hole coverage area
could be increased beyond 25% to further reduce EPD pending on
the successful development of suitable patterning and regrowth
techniques.

Finally, in order to further understand the TD reduction
mechanism, the bright field cross-section TEM images are studied.
Fig. 4 shows a cross-section TEM image of sample B. It clearly
confirms that TDs can be stopped and annihilated at the void,

while others threading up to the surface. Since the regrowth
would occur inside nano-holes, the shallower holes (100 nm)
could lead to an incomplete void formation where TDs extend
upward continuously. On the other hand, further increase the
nano-hole depth above 300 nm will suffer from increased dry
etching related defects during NIL processes. Together with the
FWHM data of HRXRD, PL intensity, and EPD count, it tangibly
demonstrates that TDs could be reduced by an array of nano-holes
patterned on the GaN template using optimized nano-hole depth
(200 nm) as well as percentage of hole area coverage. Moreover,
the reduction of the screw/mixed dislocation is most effective
which is helpful to improve the electrical and optical properties of
GaN-based devices in the future.

4. Summary and conclusion

The PAMBE growth of GaN epilayer on a nano-holes patterned
template surface of the GaN-on-PSS structure is investigated.
Cross-sectional TEM directly reveals the act of annihilation of
vertically propagating TD at the void, which is a major reason of
crystalline quality amelioration. High quality GaN is successfully
obtained by optimizing the depth of nano-holes (200 nm) and
percentage of hole area coverage (�25%) leading to a low TD
density of 1.2�107 cm�2. Through HRXRD using different reflec-
tions, it also reveals that the reduction of dislocations is more
effective for screw/mixed type TDs comparing to edged type TDs.
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a b s t r a c t

The aspect of superior interfaces is studied using short-period GaN/AlGaN superlattices grown by
Molecular Beam Epitaxy (MBE) on various substrates as versatile test structures for investigations of
interface and layer properties. High-resolution x-ray diffraction pattern compared with simulations of
ideal structures prove coherent 2-dimensional growth of structures with homogenous layer composition
and atomically smooth and abrupt interfaces. The influence of structural perfection on optical properties
is investigated in time-resolved photoluminescence measurements of selected superlattices. The
recombination behavior of the excitons, their life time and the photoluminescence emission energy
depend on the substrate quality and the superlattice structure. Furthermore it could be demonstrated
that for optimal growth conditions the limiting factor for structural and optical properties of our MBE
grown layers and heterostructures is the substrate.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Due to GaNs wide direct bandgap of 3.4 eV and the high thermal
conductivity GaN based devices have gained increasing significance in
optoelectronics and high-power applications [1–3]. Modern electronic
devices based on high-mobility two-dimensional electron gases e.g.
formed at the interface between epitaxially grown AlGaN and GaN
layers are promising devices for energy-efficient high-frequency and
high-power applications. Superior interface quality and well defined
layer properties are prerequisites for the high-end performance of
these GaN based devices [4,5]. This study focuses on the aspect of
interface perfection using short-period GaN/AlGaN superlattices as
versatile test structures for investigations of interface and layer
properties. Furthermore time-resolved photoluminescence measure-
ments (PL) were performed to investigate the exciton recombination
behaviors dependent on the substrate choice.

2. Experimental procedure

The investigated superlattice structures (consisting of the
5.5�6 nm thick AlGaN tunnel barrier layers also called multiple
quantum wells (MQW)) were grown in a VG Semicon V80H MBE
system under slightly Ga-rich conditions in uninterrupted growth runs
at constant substrate temperature of 750 1C measured by optical

pyrometry. Previous experiments with different growth conditions
showed that nitrogen-rich conditions result in rough surfaces and
interfaces of the grown layers. At Ga-rich conditions, the formation of
Ga-droplets at the surface is favored resulting in microscopic defects.
Just a narrow Ga/N-ratio window for slightly Ga-rich conditions exists
where smooth and droplet-free crystal surfaces with atomically flat
steps could be achieved [6]. The growth experiments were performed
on sapphire and GaN substrates prepared by metal-organic chemical
vapor deposition (MOCVD), hydride vapor phase epitaxy (HVPE) and
ammonothermal growth with dramatically different properties of the
bulk and surfaces. All substrates were backside-coated with titanium
to optical opaqueness and degased at 400 1C under ultra-high vacuum
conditions for at least 2 hours before growing the epitaxial layers. In
the growth chamber the substrates were heated to growth tempera-
ture under nitrogen plasma exposure. For all growth runs active
nitrogen was supplied by an RF-plasma source with 220W forward
power and 0.6 sccm (standard cubic centimeter) nitrogen flow rate, as
discussed in a previous work [7]. The growth on sapphire was initiated
by a few nanometer thick AlN nucleation layer to assure Ga-polarity.
All substrates were overgrownwith a 1.5 mm thick GaN buffer prior to
the superlattice growth along the c-axis of the Ga-polar substrates.
Aluminum mole fractions of the respective AlxGa1�xN layers up to
x¼0.33 were investigated with layer thicknesses always below the
critical thickness for defect formation described by the Matthews–
Blakeslee criterion [8].

The crystal surface morphology was in-situ monitored by reflection
high energy electron diffraction (RHEED) and ex-situ by atomic force
microscopy (AFM) before and after MBE growth using a DI/Veeco
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DIMENSION 3100 AFM operated in contact mode. High-resolution
x-ray diffraction (HRXRD) scans of the crystals were measured with a
Bruker D8 Discover x-ray diffractometer equipped with a 2 Bounce Ge
monochromator. In this configuration, the tool resolution is 36 arc sec
for the angle of incidence Omega and the diffraction angle Theta.
Table 1 summarizes relevant properties of the investigated substrates.
The differences in the FWHM of the Rocking curves corresponds to
differences in the mosaicity and depends primarily on the nucleation
conditions of the grown substrate. As a general trend it is known that
with increasing thickness of the heteroepitaxially grown GaN on
sapphire substrate the crystallinity and crystal perfection increases
[9]. The FWHM of the Rocking curves was taken into account to gauge
the TDD (threading dislocation density) by using the equations of
Metzger et al. [10]. From this we estimated TDDs for the MBE-GaN
buffer on c-sapphire in the mid-109 cm�2, for the MOVPE-GaN in the
mid-108 cm�2, for HVPE-GaN in the mid-107 cm�2 and for the
Ammonothermal-GaN in the mid-106 cm�2. HRXRD-patterns were
simulated using the commercial software Diffrac Plus Laptos 7.04 from
Bruker AXS GmbH based on dynamical x-ray diffraction theory. Time-
resolved photoluminescence measurements were performed using
the second harmonic generation of a mode-locked Ti:Sapphire laser,
providing 2.5 ps long pulses with a repetition rate of 78 MHz. Laser
pulses at 3.548 eV photon energy excited the material above the
absorption edge of the GaN quantumwell and bulk layer. The samples
were mounted in an optical cryostat and were thermally coupled to a
6 K cold-finger. The full time dependent PL spectra are detected by a
HAMAMASTSU streak camera connected to a grating spectrometer.
The experimental time resolution of the system is less than 10 ps. The
measurements were performed with an incident energy density of
about 0.7 mJ/cm2 per laser pulse. The time constants of the PL signal
are evaluated from the PL transients by an exponential fit [11].

3. Results and discussion

Fig. 1 compares exemplarily experimentally recorded diffraction
pattern of a symmetrically 10-period GaN/Al0.33Ga0.67N superlattice
with 11 nm period length grown on ammothermal GaN with the
according simulation. For superlattices grown on such outstanding
substrates, key features of the simulations can be accurately recovered
experimentally. Namely intense narrow superlattice satellite peaks up
to the -11th order, pronounced interface fringes and oscillatory peak
intensity trends among higher orders are clearly identified. These
results prove coherent 2-dimensional growth with abrupt and smooth
interfaces over a wide range of aluminum mole fraction in the AlGaN
layers up to x¼0.33. Fig. 2 shows exemplarily an AFM scan over a
5�5 mm2 surface area of this superlattice sample. The roughness can
be determined to a root mean square value of 0.5 nm, clearly

Table 1
Summary of relevant properties for the GaN-substrates used in this study.

GaN
thickness
(mm)

FWHM (ω�2θ) of
the (002) reflex
(arc sec)

FWHM (Rocking
curve) of the (002)
reflex (arcsec)

MBE-GaN buffer on
c-sapphire (home-
made)

1.5 80 1713

MOVPE-GaN
(commercially
available)

1.9 65 457

HVPE-GaN (project
partner supplied)

91 43 180

Ammonothermal-
GaN (commercially
available)

bulk o36a 57

a Limited by tool resolution.
Fig. 1. Experimentally obtained (black) and simulated (gray) x-ray diffraction
pattern in ω�2θ geometry around the GaN (002) Bragg-reflex of a 10-period
superlattice with aluminum mole fraction x¼0.33 and individual GaN and AlGaN
layer thicknesses of 5.5 nm grown on bulk GaN prepared by ammonothermal
synthesis.

Fig. 2. Atomic force microscopy image of a 10-period superlattice surface with
aluminum mole fraction x¼0.33 and individual GaN and AlGaN layer thicknesses of
5.5 nm grown on GaN prepared by ammonothermal synthesis. The surface rough-
ness root mean square (RMS) value equals 0.5 nm.

Fig. 3. X-ray diffractogram in ω�2θ gerometry around the GaN (002) Bragg-reflex
of identically grown 10-period superlattices with aluminum mole fraction x¼0.08
and individual GaN and AlGaN layer thicknesses of 6 nm grown on 1.5 mm MBE-
GaN buffer grown on different substrates.
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indicating the 2-dimensional growth mode. For such superior MBE
growth conditions the comparative plot of the HRXRD pattern of 10-
period GaN/Al0.08Ga0.92N superlattices with 12 nm period grown on
various substrates (Fig. 3) points out that the substrate properties limit
the structural quality of our MBE grown layers and heterostructures.
This is clearly visible from the less pronounced superlattice features in
the diffraction pattern with deteriorating substrate grade. As known
from the HRXRD precharacterization of the templates and from the
literature [9] the crystallinity of the GaN template increases with
increasing thickness. Already on sapphire weak interface fringes of the
on-top grown superlattice structure are visible indicating sufficient
interface perfection. As a result of the known increasing crystallinity
with the GaN substrate thickness, more pronounced key features of
the superlattices occur with increasing substrate thickness. This trend
joins to an excellent agreement between simulation and measured
intensity profile for the superlattice grown on bulk ammonothermal
GaN templates. This result shows clearly that the substrate is the
limiting factor for the structure perfection grown in our MBE system.

Based on these structural results time-resolved PL measurements
were performed on selected superlattices (MQWs) grown on bulk
ammonothermal and 1.9 mm MOVPE produced GaN substrates. In
MQWs the GaN layers are sandwiched between two AlxGa1�xN
barriers. This confinement results in new discrete energy states in
this quantum well which differ from the GaN bulk energy states. The
spontaneous recombination of excitons according to these new energy
states results in new photon energies in the detected PL.
Fig. 4(a) illustrates this effect schematically. The lattice parameters and
the spontaneous polarization field of AlxGa1�xN differ from GaN
dependent on the aluminum mole fraction. This variation in lattice
parameters [12] results in the epitaxial growth of strained layers. By the
interplay of spontaneous polarization of AlxGa1�xN and GaN and the
resulting piezoelectric polarization inherent electric polarization fields
occur. The resulting electric field changes the rectangular quantumwell
shape into a triangular shape leading to an additional modification of
the energy states and a local separation of electrons and holes. [13]
Fig. 4(b) illustrates this so called quantum-confined-Stark-effect (QCSE).
The triangular potential shape induces asymmetric wave functions and
probability of presence (|Ψ|2) for electrons and holes. In consequence the
electron–hole-separation should cause an increase of the exciton life

time with increasing quantumwell width. Fig. 5 shows a time-resolved
PL spectrum for a 10-period MQW (quantum well width 9 monolayers
(MLs, 1 ML¼0.259 nm, barrier width 6 nm) grown on 1.9 mm MOCVD-
GaN. The MQW emission energy (3.505 eV) is clearly separated from
the bulk GaN (3.48 eV) what allows the determination of the respective
life times. The energy shift of the main peak of the MQW PL in the first
few picoseconds to slightly lower energy can be explained by the
shielding of the inherent polarization field by generated minorities.
Their number reduces relatively fast due to exciton recombination.
Thereby the inherent polarization field reached the unshielded value
and according to the QCSE the energy reaches a constant level (dotted
red line). From the time-resolved PL of the investigated MQW we
extracted the quantum well energy position and the time dependent
intensity trend. Fig. 6 shows the MQW PL energy for MQWs grown on
1.9 mm MOVPE GaN substrates for different quantum well widths at
barrier aluminum mole fraction x¼0.08. The experimentally deter-
mined values are in good agreement with values published by Grand-
jean et al. [14] (gray). The slightly lower determined energy of the
quantum well peak compared with the literature results may be
explained with the point that we do not plot the energy of the absolute
PL intensity maximum in the time-resolved PL because this value seems
to be shifted due to the further described polarization field shielding.
Furthermore we extracted the time dependent intensity profile of the
MQW PL signal after turning off the excitation laser. Fig. 7 shows
exemplarily the extracted intensity profile for the MQW with 9ML
quantumwell width from Fig. 6. The curve can be fitted by a stretched
exponential function

It ¼ I0e
� t� t0

τ

� �β

ð1Þ
where I(t) is the time t dependent PL intensity and I0 is the amplitude
scaling factor, t0 is the starting time of the intensity decrease, τ expresses
the exciton life time and β is the stretch parameter. The inset of Fig. 7
plots the extracted exciton life time for different quantum well
thicknesses and aluminum mole fraction.

The MQWs with 7 and 9 ML and aluminum mole fraction
x¼0.08 were grown on 1.9 mm MOVPE GaN templates and show
127 for the MQW PL and 130 ps exciton life time for the MQW PL
and 71 ps and 126 ps for the sheer GaN PL respectively. The MQW

Fig. 4. Theory of the quantum confined Stark effect: Band diagram (energy vs. spatial position z) of a quantum well (QW) (a) without electric field and (b) with intrinsic
polarization fields including energy levels E of quantum-mechanically confined states for electrons (e) and holes (h) and there probabilities (|Ψ|2) as well as the bulk band gap
EG of the well material.
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with 20 ML and x¼0.33 was grown on ammonothermal bulk GaN
and shows a significantly higher exiton life time of 271 ps and

161 ps for the GaN buffer. These results show that MQWs grown
on substrates with better crystallinity exhibit higher exciton life
times in bulk GaN as well as in the quantum well. In addition we
consider the curve shape parameter β and recognized for both the
7 and 9 ML MQW on MOVPE-GaN values of 0.8 for the MQW PL
and 0.54 and 0.66 for the GaN PL respectively. For the MQWgrown
on ammonothermal GaN we could determine β for the MQW PL to
be 1 and for the GaN PL 0.94 reflecting a nearly single expo-
nential behavior as expected for perfect spontaneous exciton
recombination [11,15]. We believe that the decrease in β for thin
defect-rich GaN can be explained by the realization of multiple
recombination paths for the excitons correlating with structural
defects as centers.

4. Summary

In our study we re-visited the aspect of interface perfection
using short-period GaN/AlGaN superlattices as versatile test
structures for investigations of interface and layer properties with
consequences for a proper GaN substrate choice. The superlattice
structures have been grown by MBE under equal growth condi-
tions along the c-axis of Ga-polar substrates prepared by different
growth methods. HRXRD pre-characterization indicates the defect
reduction in the GaN substrates with increasing thickness as
empirically expected. Therefore no deviation from this trend could
be determined for the different preparation methods. HRXRD
pattern obtained from the grown superlattices have been com-
pared with simulations based on dynamical x-ray diffraction
theory of ideal structures with homogeneous composition and
atomically smooth and abrupt interfaces and show that for free-
standing bulk GaN prepared by a ammonothermal growth method
the best structural quality could be achieved. Based on these
results, time-resolved PL measurement on selected superlattices
confirm this trend with regard to exciton life times as well as
recombination mechanisms.
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(3.48 eV) and MQW PL (3.505 eV) is marked by dotted lines. (For interpretation
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this article.)

Fig. 6. Photoluminescence energy of the grown GaN/AlGaN MQW vs. well width
(red) and literature results (gray) after Granjean et al. [14]. (For interpretation of
the references to color in this figure legend, the reader is referred to the web
version of this article.)

Fig. 7. Time-dependent MQW PL signal after stimulation for a 10-period 9 ML GaN/
6 nm Al0.08Ga0.92N MQW grown on 1.9 mm MOVPE-GaN substrate: The inset shows
the extracted time constant for the photoluminescence. The Spatial separation of
electrons and holes results in an increase in exciton lifetime.
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a b s t r a c t

We demonstrate the evolution of GaN films on novel langasite (LGS) substrate by plasma-assisted
molecular beam epitaxy, and assessed the quality of grown GaN film by comparing the experimental
results obtained using LGS, sapphire and silicon (Si) substrates. To study the substrate effect, X-ray
diffraction (XRD), scanning electron microscopy (SEM), Raman spectroscopy and photoluminescence
(PL) spectra were used to characterize the microstructure and stress states in GaN films. Wet etching of
GaN films in KOH solution revealed that the films deposited on GaN/LGS, AlN/sapphire and AlN/Si
substrates possess Ga-polarity, while the film deposited on GaN/sapphire possess N-polarity. XRD,
Raman and PL analysis demonstrated that a compressive stress exist in the films grown on GaN/LGS,
AlN/sapphire, and GaN/sapphire substrates, while a tensile stress appears on AlN/Si substrate.
Comparative analysis showed the growth of nearly stress-free GaN films on LGS substrate due to the
very small lattice mismatch (�3.2%) and thermal expansion coefficient difference (�7.5%). The results
presented here will hopefully provide a new framework for the further development of high
performance III-nitride-related devices using GaN/LGS heteroepitaxy.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Gallium nitride (GaN) has long been viewed as a promising
semiconductor due to its fascinating intrinsic properties like wide
direct band gap (3.4 eV), strong binding energies, excellent thermal
stability and conductivity, mechanical and chemical robustness,
which triggered a fast technological progress in the fabrication of
electronics and optoelectronic devices such as high brightness light
emitting diodes (LEDs), high-electron-mobility transistors as well as
high temperature, high frequency, and high power semiconductor
devices [1–4]. Despite the remarkable progresses made in the
commercialization of GaN systems achievement of their full potential
has however been limited due to the lack of native/lattice-matched
substrates. The inevitable heteroepitaxy of GaN on foreign substrates
like sapphire, Si or SiC results in stress, and generates high density of
threading dislocations (TD, �108–1010 cm�2), cracks and other
defects (stacking faults, voids, inversion domains, point defects) due

to the large lattice mismatch and thermal expansion coefficient
incompatibility, which deteriorates the optical and electrical proper-
ties of GaN-based devices [5,6]. Ever since Amano et al. successfully
demonstrated the growth of high quality crack-free GaN epilayers on
sapphire substrate using an AlN buffer layer a variety of strain
compensating layers like low-temperature GaN, SiN, AlN–GaN super-
lattices, AlGaN and rare earth oxides have been used to mitigate the
stress and to reduce the TD density in GaN epilayers [1,7–10]. Use of
these buffer layers, to some extent, has shown considerable improve-
ment in the crystalline quality of GaN epilayers and their device
performances, yet there still exist many defects and thus, the growth
of high-quality GaN raises many interrogations and requires further
research. Hence there is great research interest in finding new
methods and substrate materials to overcome these issues, and in
particular, the development of novel and futuristic substrate material
with better lattice and thermal matching would be an effective and
pioneering solution for addressing the problems in GaN-based
devices. Erstwhile, Fukuda et al. observed langasite (La3Ga5SiO14,
LGS) family materials as viable substrate materials for GaN hetero-
epitaxy due to their small lattice and thermal mismatch as well as
domain matching epitaxy [11]. LGS has been extensively used in
piezoelectric applications, and belongs to a trigonal crystal system
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with space group P321, having high melting point (1475 1C), in-plane
structure with hexagonal symmetry and lattice constants a¼8.161 Å,
c¼5.087 Å [11–13]. Besides, the thermal expansion coefficient differ-
ence between GaN (5.59�10–6 K�1) and LGS (5.20�10–6 K�1) is
very small (�7.5%) when compared to the conventional substrates
like sapphire (7.5�10�6 K�1, 25.5%) and Si (3.77�10�6 K�1, 48.3%)
[14–16]. Despite these potential virtues, the growth of GaN epilayers
on LGS substrate has not been reported so far, and hence in this work
we report the successful growth of GaN film on novel LGS substrate
by plasma-assisted molecular beam epitaxy (PA-MBE). Also, the
effectiveness of LGS substrate was demonstrated by comparing the
stress states in GaN films grown on various substrates namely LGS, Si
(111) and c-plane sapphire. The study of stress or strain effects in GaN
films is indispensable for better understanding of the film's property
and for realizing high performance GaN-based devices. Experimental
results obtained from X-ray diffraction (XRD), scanning electron
microscopy (SEM), Raman spectroscopy, and photoluminescence
spectra (PL) showed the growth of stress-free GaN on LGS substrate.

2. Experimental details

All the unintentionally doped (UID) GaN films were grown on
different substrates namely LGS (Fomos-Materials Co.), sapphire, and
Si(111) by PA-MBE. High purity material sources such as gallium (7 N)
and aluminum (6 N) were supplied by a standard Knudsen cell, while
active N2 (6 N) was provided by a radio-frequency (rf) plasma source.
Schematics of four different sample structures used in the present
work are shown in Fig. 1. In growing GaN on LGS substrate, a 5 nm
thick LT-GaN layer was firstly deposited at 480 1C followed by the
growth of 620 nm top GaN layer at 640 1C. For the samples on
sapphire, two different buffer layers were deposited, one consisting of
35 nm thick AlN layer deposited at 800 1C and the other consisting of
10 nm LT-GaN deposited at 550 1C prior to the deposition of 680 nm
GaN at 680 1C. For GaN on Si(111) a 10 nm thick LT-AlN layer was
grown at 600 1C followed by the growth 65 nm thick high-
temperature AlN layer at 800 1C, and then final 1000 nm thick GaN
layer deposited at 570 1C. During the growth of GaN films on different
substrates, the N2 flow rate, RF power, and Ga partial pressure was
maintained at 3.0 sccm, 450W, and 1.2�10–6 Torr, respectively. For
simplicity, GaN films grown on LGS, AlN/sapphire, GaN/sapphire, and
AlN/Si(111) were denoted as samples A, B, C, and D, respectively.

Wet etching experiments were performed to analyze the
polarity of GaN films on different substrates by immersing the
substrates in 2 M KOH aqueous solution at 90 1C for 1 min. Surface
morphology of as-grown and KOH etched GaN films were ana-
lyzed by SEM. Stress states in GaN films was investigated by HR-
XRD (Cu Kα, 1.541 Å), Raman (Arþ laser, 532 nm), PL (He–Cd laser,
325 nm, 20 K) measurements.

3. Results and discussion

Fig. 2 shows the SEM images of GaN films grown on different
substrates before and after KOH etching. SEM images of as-grown
GaN films (Fig. 2(a)–(d)) grown on various substrates before KOH

etching exhibited flat and comparatively uniform morphology with
some hillock pits at the surfaces. After KOH etching (Fig. 2(e)–(h)),
the surface morphology of samples A, B, and D remains unaltered,
while sample C (Fig. 2(g)) exhibited hexagonal pyramidal structure.
This suggest that GaN films grown on LGS, AlN/sapphire and AlN/Si
substrates possess Ga-polarity, while the film grown on GaN/
sapphire substrate have N-polarity.

The 2θ�ω XRD patterns of GaN films grown on various
substrates are shown in Fig. 3. The (0002) diffraction peaks of all
the samples exhibited some shift relative to the bulk GaN
(2θ¼34.57011) [17]. The (0002) diffractions peaks of samples A,
B, and C are shifted to lower 2θ angles at 34.56481, 34.5321, and
34.56181, respectively, while that of sample D is shifted to higher
2θ angle at 34.59181 relative to the bulk value, indicating the
different stress states in the four samples. The shift in the (0002)
diffraction peak position to higher and lower 2θ values generally
indicates the tensile and compressive stress, respectively [18].
Hence, the samples A, B, and C are under compressive stress,
while the sample D is under tensile stress. The calculated values of
‘c’ axis lattice parameter and the corresponding residual strain in
GaN films deposited on various substrates are given in Table 1. The
residual strain in z-direction is estimated using the relation,

ε? ¼ ðcs�coÞ
co

ð1Þ
Fig. 1. Schematics of GaN films grown on different substrates.

Fig. 2. SEM images of GaN films grown on different substrates (a)–(d) before
etching and (e)–(h) after KOH etching.
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where, ‘cs’ and ‘co’ are the lattice parameter values of strained and
unstrained GaN epilayers [15]. The estimated values indicate a
tensile stress for GaN film grown on AlN/Si substrate while
compressive stress on other substrates, which is consistence with
the analysis of XRD patterns.

Fig. 4 shows the Raman spectrum of GaN films grown on
various substrates. The E2(high) mode is very sensitive to strain
and has been extensively used to quantify the stress in GaN
epilayers. Usually, a blue-shift in E2(high) phonon peak indicates
a compressive stress, while a red-shift indicates the tensile stress.
It can be observed from figure that the E2(high) position is
substrate dependent, clearly implying different stress states in
different samples. The E2(high) peak of samples A, B, C, and D were
observed at 567.4, 570.9, 566.3, and 565.5 cm-1, respectively.
Comparing with the intrinsic value of 567.2 cm�1 for stress-free
GaN [19], the samples A and B are under compressive stress, while
the samples C and D are under tensile stress. The stress in the GaN
films were quantitatively evaluated using Δω¼ kUσ, where ‘Δω’

is the shift in the frequency of phonon, ‘k’ is the Raman stress
coefficient (4.3 cm�1/GPa), and ‘σ’ is the stress. The calculated
values of stress for different samples are given in Table 1. Among
the four samples, GaN film deposited on LGS substrate has the
minimum stress, and is very close to the stress-free state.

It is well known that the energy band gap of a semiconductor is
affected by the residual stress. A tensile stress narrows the band
gap while a compressive stress widens it [20]. Fig. 5(a) shows the
neutral donor bound excitons (DOX) emission peak of GaN films
deposited on various substrates. The DOX peak originating from
the neutral Si- and O-related exciton recombinations [21] was
observed between 3.459 and 3.493 eV depending on the substrate.
The band gap energy of GaN films deposited on different

substrates is estimated using the relation [15],

Eg ¼ EDOXþEas ð2Þ

where, ‘Eg’ is the band gap, ‘EDOX’ is the energy position of DOX,
and ‘Ea’ is the activation energy of DOX. The activation energy was
estimated from the temperature dependent PL spectra using the
Arrhenius curve [15],

I¼ IO
½1þaexpð�Ea=kBTÞ�

ð3Þ

where ‘a’ is a factor related to the ratio of the radiative lifetime and
the ground state lifetime. Fig. 5(b) shows the typical Arrhenius
plot of sample A displaying the variation in the PL intensity with
1000/T. The activation energy estimated from the Arrhenius plot
was found to be 36.15, 53.38, 52.38, and 36.05 meV for samples A,
B, C, and D, respectively.

According to Eq. (2) the band gap of GaN was calculated, and
a plot showing the energy dependence on substrate is given in
Fig. 6(a). From the figure it can be observed that the energy band
gap of GaN film deposited on LGS substrate is very close to the
free-standing GaN, indicating the growth of nearly stress-free
GaN on LGS. Fig. 6(b) shows the relationship between the
luminescent band gap and the vertical strain of Ga-polar GaN
films namely samples A, B, and D. The plot showed the linear
dependence of band gap with strain from quasicubic approx-
imation, and by least-square fitting of the data the band gap of
GaN at 20 K as a function of biaxial stress can be expressed
by [15]

EgðεÞ ¼ Egð0Þþbgε? ¼ 3:51þ30:2ε? ðeVÞ ð4Þ

where, ‘Eg(ε)’ is the band gap of strained GaN film, ‘Eg(0)’ is the
strain-free band gap transition energy, ‘bg’ is the linear coeffi-
cient, and ‘ε? ’ is the strain component in the z-direction
obtained from XRD measurement in Fig. 3.

From the above results, it can be observed that the GaN films
grown on LGS substrate is nearly stress-free, which can be
attributed to the small lattice mismatch (�3.2%) and thermal
expansion coefficient difference (�7.5%) between GaN and LGS
when compared to sapphire and Si. However, these are early
investigations of GaN films on LGS substrate, and further work in
optimizing the growth conditions and the buffer design are
underway to have a better understanding on the growth kinetics
of GaN films on LGS substrate.

Fig. 3. 2θ�ω XRD-scan of (0002) diffraction peaks of GaN films.

Table 1
Structural and optical parameters of GaN films grown on different substrates.

Sample Code XRD Raman PL

Lattice constant, c
(Å)

Strain, ε?
(%)

Stress
(GPa)

Band gap energy
(eV)

Sample A 5.1858 þ0.0140 0.047 3.524
Sample B 5.1906 þ0.1067 0.881 3.546
Sample C 5.1860 þ0.0196 �0.209 3.533
Sample D 5.1818 �0.0617 �0.395 3.495
Unstrained

GaN
5.1850 0 0 3.510

Fig. 4. Raman spectra of E2(high) phonon shift of GaN films.
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4. Conclusion

We have investigated the feasibility using novel and nearly
lattice-matched LGS substrate for the growth of GaN films by PA-
MBE. Stress analysis by XRD, Raman and PL revealed that the film
grown on LGS substrate exhibited minute peak shift relative to
unstrained GaN when compared to other substrates, indicating the
stress-free state. A linear relationship between energy band gap
and strain was observed, and a linear coefficient of 30.2 eV is
obtained at 20 K. The present work sheds light on the potentiality
of using LGS as a futuristic and ideal substrate material for the
growth of III-nitride materials with improved device performance.
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a b s t r a c t

The step-flow growth condition of Si on Si (111) near the (7�7)–“1�1” surface phase transition
temperature TC is analysed within the framework of Burton–Cabrera–Frank theory. In particular,
coexistence of both surface phases well below TC and their specific influence on the step-flow growth
behaviour is considered. We presume that under dynamical condition of growth, the surface initially
covered by only the (7�7) phase separates into domains surrounded by “1�1” areas. On such a surface,
the overall supersaturation should be reduced drastically compared to a surface with only (7�7),
resulting in much larger critical terrace width for nucleation.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The Si (111) surface exhibits a surface phase transition from
(7�7) to disordered “1�1” surface structure at a temperature
TCE1100 K. Recently, we investigated the development of surface
morphology in Si molecular beam epitaxy (MBE) on mesa-
structured Si (111) surfaces near TC [1]. For a small increase in T,
significant changes in surface morphology were found, accompa-
nied by a strong increase in step-free area dimension (Fig.1), what
has not been reported so far.

Therefore, a deeper understanding of the unusual observation is
needed. In our earlier studies, the coexistence of “1�1” and (7�7)
surfaces under certain growth conditions and their specific influ-
ence on the growth behaviour was already discussed in such a
context [1]. Here, we present a more quantitative interpretation to
support this prediction using a simple step-flow growth model and
data known from the literature. The results show that indeed under
dynamical condition of growth the coexistence of both surface
phases well below 1100 K could explain our experimental findings.

2. Results and discussion

At ToTC, the 7�7 surface phase exhibits a smaller surface
energy than the “1�1” surface. However, long range order elastic
and electrostatic interactions of surface structure domains allow
the coexistence of (7�7) and “1�1” domains over an extended
T-range around TC [2]. Thereby, the size of the domains is
dependent on T and the rate of T changes. Moreover, area fraction

of the two surface phase domains was found to be also strongly
dependent on the terrace width. Triangular domains with up to
1 mm side length were observed on terraces 44 mm [3]. The size of
domains for a given T is determined by the difference in surface
free energyΔγ between the 7�7 and “1�1” surface phase, where
the T-dependence of Δγ is determined by the entropy difference
ΔS between both phases and can be expressed near Tc by: Δγ¼
(T�TC)ΔS, with ΔS¼0.013kb (kb - Boltzmann constant) [3].

Further studies show, that surface supersaturation has also a
strong impact on the formation and extension of surface phases.
Hannon et al. found that near TC the size of individual (7�7)
domains within a “1�1” surface matrix decreases under the
presence of an external Si flux [4]. The external Si flux results in a
supersaturation of adatom concentration n with respect to the
equilibrium mobile adatom density (neq) at the surface, giving rise
to an adatom chemical potential Δm¼kbT� ln(n/neq). They pointed
out that the energy cost of (7�7) domain formation relative to the
uniform “1�1” phase with higher neq has to be modified by the
energy associated with the transfer of excess adatom density to the
surrounding “1�1” area on the terrace. This energy is expressed by:
Δm� (n“1� 1”�n7� 7)¼Δm�Δn, [4] where n“1� 1” and n7� 7 are the
neq values of the “1�1” and (7�7) phase, respectively. From STM
investigations n“1� 1”E0.2 monolayer's (ML) and n7� 7E0.08 ML
were obtained, [5] which results in an excess mobile adatom density
of ΔnE0.12 ML (1 ML¼7.83�1014 atoms/cm2). This effect changes
the surface free energy Δγ by Δm�Δn, which makes the “1�1”
phase more favourable than the (7�7) phase (Fig. 2). Consequently,
phase transition is shifted by ΔT¼TC'�TC to lower T. Assuming no
change of γ around TC, ΔT can be roughly estimated by ΔT¼�
(Δn�Δm)/ΔS [4].

Hannon et al. estimated ΔT¼�3 K for a Si flux of
4.4�1012 atoms/cm2 s, which corresponds to Δm¼2�10�4 on a
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2 mm wide terrace [4]. They also suggested already that typical
growth rates used in semiconductor epitaxy lead to a more
significant change in TC. In our experiments, we use a Si flux of
about 4�1013 atoms/cm2 s, which results in a change in TC by at
least 30 K considering the same terrace width. Moreover, Δm
becomes larger on wider terraces, which consequently could result
in a further increase in “1�1” domains or shrinking of (7�7)
domains, respectively. Since we observed the (7�7)–“1�1“phase
transition at 1100 K under static conditions, a significant amount
of “1�1” domains could be present already at Tr1070 K under
the dynamical conditions of growth in our experiments. This is the
T-range, where we observed a drastic change in surface morphol-
ogy and a strong increase in step-free areas.

The supersaturation is determined by the ratio of the actual
density of mobile adatoms at the surface to neq. Following the
work of Burton, Cabrera and Frank (BCF) [6], the adatom density n
on a terrace is governed by the diffusion equation. The diffusion
equation in the steady state regime valid for complete condensa-
tion, fast attachment–detachment kinetics as well as slow moving

straight steps in x-direction scan can be written in a form

D
d2nðxÞ
dx2

þR¼ 0 ð1Þ

with D is the diffusion coefficient, and R is the rate of atom flux towards
the surface. The assumption of complete condensation is justified in
view of the very low desorption rate (between 108 and 1010 atoms/
cm2 s1 [7]) at T used in our experiments compared to the deposition
rate (1013 atoms/cm2 s1). Furthermore, it has been shown that surface
mass transport on Si (111) is governed by diffusion of adatoms on
terraces rather than attachment/detachment of atoms at steps within
the T-range of our investigation [8]. Therefore, it can be suggested that n
(x) at the step edges is equal to neq: n(0)¼n(λ)¼neq. Introducing the
dimensionless terrace width X¼x/λ, solution of Eq. (1) is

nðxÞ
neq

¼ 1þ R� λ2

2D� neq
X� R� λ2

2D� neq
X2 ð2Þ

where D�neq represents the so-called mass diffusion constant. The
corresponding supersaturationΔm, i.e. the adatom chemical potential, is
given by

Δμ¼ kbT � ln
nðxÞ
neq

� �
¼ kbT � ln 1þ R� λ2

2D� neq
X� R� λ2

2D� neq
X2

" #
ð3Þ

Midway the steps (λ/2), Δm reaches its maximum value with

Δμ¼ kbT � ln
nðλ=2Þ
neq

� �
¼ kbT

� ln 1þ R� λ2

4D� neq
� R� λ2

8D� neq

" #
¼ kbT � ln 1þ R� λ2

8D� neq

" #
ð4Þ

or with simplification for small Δm

Δμ¼ kbT � R� λ2

8D� neq
ð5Þ

Values in the range from D�neq¼107–108 s�1were reported
for the “1�1” surface [9,10]. In our analysis, we use a value of D�
neq¼8�107 s�1derived for T¼1140 K [8]. Furthermore, D�neq
can be suggested to be thermally activated [10]

D� neq ¼ const:e�½ðED þEaÞ=kbT� ð6Þ
where ED is the surface diffusion barrier and Ea is the adatom
creation energy [10]. At TZ1100 K, EDþEa¼1.3 eV on “1�1”; with
ED¼1.1 eV and ED¼0.2 eV were reported [8,10]. If this is applied to
the value of D�neq¼8�107 s�1at 1140 K, we get D�neq¼
6.3�107 s�1 at 1120 K.
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Fig. 1. Summarised data of step-free areas (λ2) (λ – step-free terrace width) as a
function of temperature (T) (Arrhenius graph), with corresponding AFM images of
the mesa surfaces.

Fig. 2. Schematic illustration of the change in surface energy of the “1�1” and
7�7 phase at T around TC and the shift in TC due to the energy associated with the
transfer of excess adatom density (Δm�Δn).

0.0 0.2 0.4 0.6 0.8 1.0
0.00

0.04

0.08

x/

R = 4*1013 cm-2 s-1

neq = 0.2 ML
 = 10 µm6

D*neq= 6.3*107 s-1

T = 1120 K8

"1x1"

0.0 0.2 0.4 0.6 0.8 1.0

0.00

0.04

0.08

/k
T=

Ln
[n

(x
)/n

eq
] crit/kT

λ∇ μ

μ

∇

μ

Fig. 3. Excess chemical potential profile across a 10 mm wide terrace calculated for
a Si flux of 4�1013 cm�2 s�1 at 1120 K, where only the “1�1” surface phase was
observed. Critical supersaturation for nucleation is also indicated by the dotted line.
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Fig. 3 shows the Δm profile across a 10 mm wide terrace calculated
for a flux of 4�1013 cm�2 s�1. Since 10 mm corresponds to the
observed maximum step-free terrace width, Δmcrit/kbT¼0.08 obtained
widway the steps corresponds nearly to the critical value before
nucleation occurs. This value is quite low indicating that the surface
conditions are near to the thermodynamic equilibrium. Considering
n“1�1”¼0.2ML,Δmcrit/kbT¼0.08 corresponds to a critical excess mobile
adatom density of 0.016ML (1.25�1013 cm�2) on Si (111) at 1120 K.

Next, we analysed the conditions for 1030 K, where only (7�7)
surface structure appears. Here, we assume that Δmcrit/kbT for
island formation is comparable to “1�1”. That simply means with
respect to the terrace centre

nðλ=2Þ
neq

¼ const:¼ 1þ R� λ2

8D� neq
ð7Þ

At 1030 K, we obtain a critical terrace width of only 1.5 mm. Since
[(10 mm)2/(1.5 mm)2]¼44, (D�neq)“1�1” at 1120 K should be larger
than (D�neq)7�7 at 1030 K to an equal extent, which gives
(D�neq)7�7¼1.4�106 s�1. That is similar to results obtained from
studies of the island and void decay performed at similar tempera-
tures [8].

To analyse the conditions of phase coexistence, we have to
calculate the relevant data for D�neq at T¼1060 K. For “1�1”,
(D�neq)“1�1”¼8�107 s�1at 1140 K and EDþEa¼1.3 eV give
(D�neq)“1�1”¼3�107 s�1 at 1060 K. For (7�7), it is known that
neq is much smaller compared to the “1�1” surface and
(D�neq)7�7 cannot be simple estimated from the high tempera-
ture value known for the “1�1” surface.

An activation energy of 3.670.2 eV was obtained for mass trans-
port on the Si (111) at 880 KrTr980 K [11]. Similar energies (3.2–
3.8 eV) were reported recently for the mass transport during the
(7�7)–“1�1” surface phase transition [12]. It was suggested that the
phase transition is governed by the rate at which the material is
exchanged between the first layer of the crystal and the surface.
Additional adatoms are assumed to be formed in the first layer of the
crystal and the activation energy is related to the adatom-vacancy
generation. That means that terraces appear to produce most mobile
adatoms rather than step edges. It is interesting to note that for
vacancy diffusion on Si (111) at 850 KrTr1000 K similar activation
energy (3.070.2 eV) was reported, which was assumed to consists of
the energy to create monovacancy and diffusion barrier [13]. In our
estimation, we use EDþEa¼3.6 eV and (D�neq)7�7¼1.4�106 s�1 at
1030 K, which gives a value of (D�neq)7�7¼4.3�106 s�1 for 1060 K.

Furthermore, a surface diffusion barrier of ED¼1.1 eV was also
reported for the (7�7) surface [14]. That results in Ea¼2.5 eV for

the (7�7) surface, a value which is comparable to the Si–Si binding
energy [15]. As mentioned above, n7�7¼0.08 ML was estimated for
the (7�7) surface phase from STM investigations. However, this
value was obtained from the evaluation of island densities formed
from excess adatoms during fast quenching surfaces from T4TC
and represents neq at or near TC. Therefore, neq for (7�7) should be
smaller at 1060 K. Considering neq(7�7)¼0.08 ML at 1100 K and
Ea¼2.5 eV results in neq(7�7)¼0.03 ML at 1060 K.

The adatom density and the corresponding Δm across a terrace
with coexisting surface phases were calculated using a simple
model presented by Hibino et al. [16]. In this model, the terrace is
separated into two parts, with (7�7) and “1�1” surface phase,
respectively. Thereby, the phase boundary is parallel to the step
edges and moves with the same velocity during growth (Fig. 4a).
Both the step edges and the phase boundaries are straight. Indeed,
such configuration was observed experimentally under certain
conditions, however, only on small terraces [2].

Furthermore, the surface mass transport on Si (111) was
assumed to be only governed by the diffusion of adatoms on the
terraces. Moreover, the continuity of the chemical potential with
respect to the mobile adatom density and conservation of adatoms
at the phase boundary were considered for solving the diffusion
equations. The solution of the diffusion equation provides for the
different parts of the terrace [16]

nðxÞ
neqð}1x1}Þ

¼ 1þ R� λ2 p� a2�a2�p
� �

2 D� neq
� �

}1�1} ðp� a�a�pÞX

� R� λ2

2 D� neq
� �

}1�1}

X2 ð0rXrℓ=λÞ ð8Þ

nðxÞ
neqð7�7Þ

¼ 1þ R� λ2 p� a2�a2�p
� �

2 D� neq
� �

ð7�7Þ ðp� a�a�pÞðX�1Þ

� R� λ2

2 D� neq
� �

ð7x7Þ
ðX2�1Þ ðℓ=λrXr1Þ ð9Þ

where ℓ is the position of the domain boundary, p is the ratio
(D�neq)“1�1”/(D�neq)7�7 and a¼ℓ/λ. Using the values estimated
for the (D�neq)7�7 and (D�neq)“1�1” we obtain p¼7 at 1060 K.

Fig. 4b shows the calculated supersaturation across a 4 mm
terraces with coexisting “1�1” and (7�7) surface phases, with
phase boundary in the centre of terrace (ℓ¼λ/2), and for compar-
ison with only the (7�7) surface phase. It is clearly visible that in
case of phase coexistence, Δm remains below the critical value,
whereas for terrace with only (7�7) Δm becomes much larger
than the critical value expected for nucleation. That means that

Fig. 4. (a) Illustration of step and phase boundary configuration used for the calculation; (b) profile of Δm across a 4 mm wide terrace with coexisting (7�7) and “1�1”
domains (phase boundary ℓ at λ/2) and with only (7�7) superstructure. Δmcrit for nucleation is also indicated by the dotted line.
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the overall supersaturation on surfaces with coexisting surface
phases is drastically reduced in comparison to surfaces with only
the (7�7) phase. That is in close agreement to earlier predictions
based on the finite-difference method with iteration scheme [17].

3. Summary and conclusion

We observed a steeply increase in step-free areas during MBE
at T near the (7�7)–“1�1” phase transition. This behaviour could
be explained within the framework of classical BCF theory con-
sidering the coexistence of (7�7) and “1�1” surface phases,
which exhibit different mass diffusion coefficients due to different
equilibrium mobile adatom densities. On surfaces with coexisting
surface phases overall supersaturation should be drastically
reduced compared to those with only the (7�7) phase. Phase
coexistence under dynamically conditions of growth is suggested
to appear well below TC obtained under static conditions. Despite
the fact that the used model is very abstract and extremely
simplified, we get reasonable good results to explain the experi-
mental findings.

In reality, steps act as effective sinks for adatoms and, therefore,
a shift in TC due to a Si supply can only be expected on wide
terraces, where surface phase domains are not associated with
steps. It means that a strong increase in step-free areas well below
TC can only be expected for very low growth rates, where wide
terraces could be formed. This could explain why such behaviour
was not reported so far. On very wide step-free surfaces, however,
structure domains form a random granular network in which
phase boundaries are indeed not inevitably associated with steps.
During Si supply (or heating from below TC) the “1�1”-regions
appear and broaden between the (7�7) domains and the surface

initially covered by only (7�7) separates into smaller (7�7)
domains. This results in local variation in supersaturation. This,
however, should result in the same effect as demonstrated with
the simple model, the overall supersaturation drops.
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Evaluation of the electronic states in highly Ce doped Si films grown
by low temperature molecular beam epitaxy system
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a b s t r a c t

Highly Ce doped single crystalline Si films with high crystallinity, smooth surface and uniformly
distributed Ce were deposited by low-temperature grown molecular beam epitaxy (LT-MBE) system. The
lattice parameter increases with increasing Ce concentration below 0.2 at%, suggesting that the
formation of substitutionally dissolved Ce increases. The donor level of Si homoepitaxial film without
Ce doping is calculated as 57 meV originated in the formation of dangling bonds probably due to low
temperature growth. Although all films show n-type conduction, electron density decreases with
increasing the Ce concentration below 0.5 at%, suggesting Ce3þ ion at substitutional site in Si acts as an
acceptor. However, the conduction type does not change from n-type to p-type, indicating that the
density of the Ce3þ ion is not enough to change the conduction type. J–V characteristics at the
measurement temperature from 180 to 300 K were evaluated by using metal–insulator–semiconductor
(MIS) structure. The generation energy of electron–hole pair is calculated by Arrhenius plot of resistance
at depletion layer. The charged state at the mid gap in Si is formed by Ce doping.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Rare earth (RE) doped semiconductors have been paid much
attention because they show unique optical and magnetic character-
istics. As matrixes, GaAs [1–3], GaN [4–9], AlGaAs [10], Si [1,11–
16,22–32], and SiO2 [17–21] have been reported. Er [1–3,10–21], Eu
[4,5,9], Gd [6–8], Yb [10] and Ce [22–32] have been studied as rare
earth dopants. For example, Er doped materials have been attracted
enormous interest due to the emission at the photon energy of
1.54 μm originated in an intra 4f shell transition between the 4I12/2
and the 4I15/2 levels [13], that is attractive for silica optical fibers and
optical amplifier [16]. On the other hand, Gd doped GaN shows
ferromagnetic with high Curie temperature above 400 K [8]. The
detection of an induced magnetic moment of Eu3þ ions in GaN
which is associated with the 7F2 final state of 5D0 to 7F2 optical
transitions emitting at 622 nm has also been reported [9].

We have been interested in RE doped single crystalline Si films.
Ce, which has one 4f electron, is one of the most interesting RE
elements because Ce-based compounds show attractive phenom-
ena originated in valence fluctuation [33–35]. Therefore, we have
studied the magnetic and magneto-transport properties of Ce
doped Si (Si:Ce) epitaxial films using solid source molecular beam
epitaxy system (MBE) that show very interesting phenomena such

as ferromagnetic ordering [26,27], spin-glass-like behavior and
giant magneto-resistance effect [25,31]. Although most of them
were observed in the p-type Si:Ce, we have not elucidated if the
phenomena are originated from spin–hole interaction, because the
films slightly include silicides. Low temperature growth enables to
obtain Si:Ce films with high concentration and uniform distribu-
tion of Ce without including precipitation of a second phase such
as Ce silicides [24–28,30–32]. However, these films show n-type
conduction with high carrier concentration and paramagnetic
behavior [30,32]. To discuss the origin of above mentioned
ferromagnetic related interesting phenomena, we have to investi-
gate the solid solubility of the Ce and the electronic state in Si
epitaxial films because the magnetic and electronic properties of
magnetic impurity doped semiconductors depends on the distri-
bution and local environment of the dopant [36]. In this paper,
change in the carrier density, formation energies of electron and
hole, and the lattice constant against the Ce concentration were
evaluated and the solid solubility state and the electronic states of
Ce for low temperature grown Si:Ce epitaxial films with the Ce
concentration below 1.0 at% are discussed.

2. Experiment

Si:Ce epitaxial thin films were deposited on (001) Si or Si on
insulator (SOI) substrates by a solid source MBE method at a base
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pressure in the order of 10�10 Torr. The substrate was chemically
cleaned with Semico Clean 23 (Furuuchi Chemical). After immer-
sion in 1.0% HF solution for 2 min, the substrate was inserted into
an ultra-vacuum MBE chamber. The substrate was carefully out-
gassed at 600 1C and β-SiC was intentionally formed at 830 1C to
fix carbon at the surface. After the growth of the 30-nm-thick Si
buffer layer, the sample was annealed at 750 1C in order to form a
step and terrace surface structure with the double domained
reconstructed surface structure of 2�1 and 1�2 observed by
Reflection High Energy Electron Diffraction (RHEED). An 100-nm-
thick Si:Ce layer was grown by simultaneously evaporated on the
Si buffer layer at 600 1C by using Knudsen cells (k-cell) of Si and
Ce. A 5-nm-thick Si capping layer was finally deposited at the
same temperature after the Si:Ce deposition. The deposition rate
evaluated by RHEED oscillation is fixed as 40 nm/h. The Ce
concentration was varied from 0.1 to 1.0 at% evaluated by electron
prove micro analyzer calibrated with Rutherford backscattering
and secondary ion mass spectroscopy. The substrate and k-cell
temperature was measured with a thermocouple and a pyrometer.
The surface morphology and structure were analyzed by in-situ
RHEED operated at the incident electron energy of 30 keV. The
crystal structural analysis was also performed by ex-situ x-ray
diffraction (XRD). For the electrical measurement, the Al electrode
was deposited on the samples through a shadow mask after
removal of native oxide at the surface. The electrical resistivity
and the Hall Effect were performed in the van der Pauw config-
uration at the temperature from 70 to 300 K. In order to evaluate
the electron states of Si:Ce films, the metal insulator semiconduc-
tor (MIS) capacitor structure was fabricated. Around 10-nm-thick
Si oxy-nitride was prepared by Atmospheric Pressure Plasma
Enhanced Chemical Vapor Deposition (APE-CVD) system [37,38].
The capacitance–voltage (C–V) and current–voltage (J–V) charac-
teristics were also evaluated by using a LCR meter (HP4284A) and
a pico-ampere meter (4140B) at the measurement temperature
from 180 to 300 K.

3. Results and discussion

Fig. 1 shows the in-situ RHEED images of Si:Ce films grown at
600 1C. All films show a 2�1 reconstructed surface throughout
the growth without the Ce concentration above 1.0 at%. And the
root mean square of these samples measured by Atomic Force
Microscopy is below 0.5 nm. Although the streak pattern diffrac-
tion gradually changes to spotty pattern suggesting the three
dimensional growth under the Ce concentration of 1.0 at%, the
RHEED image of Si:1.0 at% Ce shows sharp streaky pattern with 3-
folded structure. Although this reconstructed surface structure
appears in highly Ce doping Si films, the surface becomes smooth
[32] probably due to the relaxation of stress induced by incorpora-
tion of Ce with very large ionic radius.

The 004 diffraction peak of XRD for Si:Ce films has interference
fringes indicating that the films have very smooth surface. How-
ever, the strong peak of substrate prevents from calculation of the
lattice constant of the films normal to the surface. In order to

deconvolute the diffraction of the film from that of the substrate,
the lattice spacing of (113) (d113) is evaluated. Fig. 2(a) shows the
change in the d311 as a function of Ce concentration. The d311 of the
Si homoepitaxial film without Ce is smaller than that of Si single
crystal probably originated from the formation of defect formation
such as Si vacancy. The d311 increases with increasing the Ce
concentration below the 0.2 at% suggesting that the formation of
Ce3þ ion in substitutional site of Si because the covalent radius of
Ce3þ ion is larger than that of Si. However, it decreases with
increasing Ce concentration between 0.3 and 0.6 at%, suggesting
that the defects such as Si vacancy or Ce related defects, which
make the lattice constant small, increase. The formation of these
defect and the solid solubility state of Ce change the carrier
concentration in films. Fig. 2(b) shows the change in the carrier
concentration as a function of Ce concentration. The Si homo-
epitaxial film without doping Ce shows n-type conduction with
the carrier density 5�1016 cm�3. Because the donor level of this
film is calculated as 57 meV by Arrhenius plot of carrier density,
this n-type conduction is originated in the formation of dangling
bonds due to low temperature growth of Si. With increasing Ce
concentration, carrier density decreases below the Ce concentra-
tion of 0.3 at%, indicating that the electrons are compensated by
the holes generated by substitutionally dissolved Ce3þ ions. This
tendency is similar to the increase of d113. However, the conduc-
tion type does not change from n-type to p-type, indicating that
the density of the Ce3þ ion in substitutional site of Si is not enough
to change the conduction type. It is also considered that the lattice
strain due to the Ce3þ ion, which has large covalent radius, forms
the Si vacancy. So there are many electrons and holes in Si:Ce
films. Although the Hall Effect measurement was done at low
temperature from 70 to 300 K, high resistivity of the film below
250 K prevents from evaluating the Hall voltage at low tem-
perature.

In order to discuss the electronic state of Si:Ce thin films, MIS
structure has been fabricated. As the insulator layer, ultra-thin SiON
layer with the thickness of less than 10 nm was formed using
atmospheric pressure (AP) plasma. AP plasma oxynitridation enables
to low temperature fabrication of highly resistive dielectric ultra-thin
films. Hayakawa et al. have reported that the nitridation thickness of
Si saturates at 2 nm (self-limitation), which is independent on the
substrate temperature [39]. Pure nitrogen gas (99.999%) of 10/min
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Ce concentration (at.%)

Fig. 1. Change in the RHEED images of Si:Ce films grown at 600 1C with increasing Ce concentration. Incident direction of the electron beam was parallel to [110] direction.
The film thickness is 100 nm.
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Fig. 2. Change in the lattice parameter of (113) (d113) (a) and carrier density (b) as a
function of the Ce concentration. All samples show n-type conduction.
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was introduced into an ultrahigh-vacuum chamber with the base
pressure below 8�10�8 Torr. AP plasma was generated by applying
an alternating voltage with the peak to peak value of 3 kV and the
frequency of 160 kHz. SiON layer was formed by irradiating AP
plasma to the surface of the samples remotely. The optical emissions
corresponding to the electron transition of N2 second positive system
was dominant observed by optical emission spectroscopy. To evaluate
the AP SiON thin films works as a dielectric layer, p-type Si substrate

without Si:Ce layer was used for MIS structure. Fig. 3 shows typical
C–V properties of Al/SiON/p-type Si substrate capacitor. The bias
voltage was applied to the top electrode and changed from �3 V to
2 V. The frequency was varied from 50 kHz to 1 MHz. Although the
clockwise hysteresis caused by charge injection is recognized, carrier
accumulation and depletion clearly observed at negative and positive
bias voltage, respectively. Considering the capacitance at accumula-
tion region, the chemical composition of SiON layer should be almost
equal to SiO2 with the thickness of 7 nm because unintentional
oxidants in a gas cylinder such as H2O and O2 strongly enhance the
oxidation of Si layer.

Fig. 4 shows temperature dependence of J–V properties of Al/
SiON/Si:1.0 at%Ce capacitors. Although the surface morphology
and the crystallinity deteriorate with increasing the Ce concentra-
tion, those drastically improved for the Si:1.0 at%Ce films due to
the formation of re-constructed surface as shown Fig. 1. Therefore,
the Si:1.0 at%Ce film was used for the electrical and dielectrical
measurements. Although these samples show n-type conduction
by Hall effect at room temperature, the J–V characteristics does not
show carrier depletion near room temperature because these
samples include large amount of holes originated from the sub-
stitution of Ce into Si site together with electrons due to the
formation of the dangling bonds. However, with decreasing the
measurement temperature, the formation of depletion layer is
observed at positive bias voltage region as shown Fig. 4(a) and (b).
Fig. 5 shows Arrhenius plots of the resistance obtained at deple-
tion region. The activation energy is deduced by fitting with using
the Arrhenius equation described below.

R Tð Þpe
Q

kBT

where R(T), kB, T and Q indicate the resistance of the depletion
layer, Boltzmann constant, temperature and the activation energy.
The activation energies of the resistance observed at negative
(a) and positive bias voltage (b) are calculated as 0.19 eV and
0.32 eV, respectively. These activation energies are equal to the
generation energy of electron–hole pair at depletion layer. In the
case of the depletion layer formed at negative bias voltage,
electron–hole pair generates at 0.19 eV below conduction band.
The generated electrons excite to conduction band and acts as free
carrier, and holes are compensated by charged state at 0.38 eV
below conduction band. On the other hand, in the case of the
depletion layer formed at positive bias voltage, electron–hole pair
generates at 0.32 eV above valence band. The generated holes
excite to valence band and acts as free carrier and electrons
compensated by charged state at 0.64 eV above valence band
suggesting. Therefore, these results conduct the formation of the
charged state at the mid gap by Ce doping. Fig. 6 shows the
schematic image of the electronic states of Si:Ce films. Shallow
donor level at 57 meV below conduction band is originated in
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dangling bond of Si. The charged state at the mid gap is formed by
Ce doping.

4. Conclusion

Si:Ce films with high crystallinity, smooth surface, uniform
distributed Ce were deposited by LT-MBE system. The substitu-
tionally dissolved Ce3þ ion acting as an acceptor is observed by
change in the d311 and carrier density. SiON ultra-thin films were
prepared on Si:Ce films by oxynitridation using atmospheric
pressure (AP) plasma for the evaluation of the electronic state of
Ce in Si. The formation of the depletion layer is clearly observed in
this MIS structure. The generation energy of electron–hole pair is
calculated by Arrhenius plots of resistance in depletion region. We
conclude the charged state at mid gap is formed by Ce doping.
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a b s t r a c t

We examined the influence of the processing temperature on hydrogenated amorphous Si/crystalline
Si0.3Ge0.7 heterojunction solar cells with a bandgap of 1.0 eV, which were grown on Si(001) by solid-
source molecular beam epitaxy. Stepwise, compositionally graded buffer Si1�xGex layers were applied to
prepare Si0.3Ge0.7 films with low dislocation density. We studied the influence of the annealing
temperature applied at the buffer layer on the diode characteristics. The diode factor was minimized
to 1.45 at 800 1C, and the saturation current density monotonically decreased from 7.5�10�4 A/cm2 for
an annealing temperature of 650 1C to 5.0�10�5 A/cm2 for that of 900 1C, as a result of the promotion of
dislocation annihilation. Consequently, the Si0.3Ge0.7 heterojunction solar cell showed a maximum
conversion efficiency of 1.50% when the annealing temperature was 850 1C. We also studied the
influence of the growth temperature of the p-Si0.3Ge0.7 active layer (absorber) on the cell performance.
The short circuit current density increased from 16.03 mA/cm2 for 520 1C to 20.95 mA/cm2 for 600 1C.
This result corresponded to an improvement of quantum efficiency response in the longer wavelength
region due to the reduction of crystal defects caused by oxygen contamination. However, the Si0.3Ge0.7
active layer processed at a higher temperature showed an accumulation of threading dislocations and
roughening of the surface, resulting in the degradation of both the open circuit voltage and the fill factor.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Si1�xGex alloys are of significant interest to researchers for the
development of future complementary metal oxide semiconduc-
tor (CMOS) devices, such as hetero-MOS field-effect transistors
(HMOSFET) [1,2], and Si-based bandgap-engineered devices, such
as photodetectors [3,4] and solar cells [5]. It is possible to con-
tinuously tune the bandgap of these alloys between 0.66 eV (pure
Ge) and 1.11 eV (pure Si) by simply changing the compositional
ratio [6]. In solar cell applications using tandem cell designs, which
stack multiple p–n junctions, one can boost the conversion
efficiency (η) by increasing the number of layers. In particular,
an ideal η of over 40% was predicted in a stacked 1.8 eV/1.4 eV/0.9–
1.0 eV configuration under concentrated sunlight [7,8]. Si-based
alloy materials with a bandgap in the range of 1.0 eV are good

candidates for future cost effective, high efficiency multi-junction
cells [9,10].

For single-junction cells using single-crystalline Si1�xGex films,
one option is to construct a heterojunction-emitter-based solar
cell in which the emitter is a large-bandgap hydrogenated amor-
phous Si (a-Si:H) [11,12]. Although an n-type substrate is com-
monly used as the absorber (to form a so-called p-i-n structure,
where i is the intrinsic layer) for heterojunction with intrinsic thin
layer (HIT) cells [13,14], we have concentrated instead on devel-
oping Si1�xGex heterojunction cells on p-type Si substrates (form-
ing n–i–p structures) for two main reasons. First, a low processing
temperature of less than 200 1C for the deposition of a-Si:H can be
adopted to prevent the unexpected lifetime degradation of Si1�x-

Gex films during the construction of the solar cell. Second, it has
been reported that the valence band offset is much larger than the
conduction band offset in both a-Si:H/crystalline-Si [15] and a-Si:
H/crystalline-Ge [16] systems. These characteristics would be
advantageous if electrons were used as minority carrier in n–i–p
cells.
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Due to the 4.2% lattice mismatch between Si and Ge, a strain-
relaxed SiGe buffer layer can be achieved by creating misfit disloca-
tions. The strain in the SiGe epitaxial layer is generally relaxed by
introducing 601 dislocations [17]. A certain fraction of these misfit
dislocations ends in threading dislocations, which move to the
surface of the epitaxial layer. The threading dislocations in the active
region cause a short minority carrier lifetime, resulting in a sig-
nificant degradation in diode characteristics. The aim of the devel-
opment of the various buffer structures is to reduce the threading
dislocation density, the surface roughness, and the residual internal
stress. Examples of these buffer structures include layers grown with
Sb surfactants [18], Si-strained layers [19,20], ion-implanted layers
[21], and patterned Si substrates [2]. A compositionally graded buffer
layer [22] and high-temperature annealing [23] are other promising
approaches to reduce threading dislocation densities. We reported
the fabrication of 3-μm-thick Si1�xGex films with a Ge content of up
to x¼0.84, and the application of these films to heterojunction solar
cells [24]. However, the η values of these Si1�xGex heterojunction
solar cells were still less than 4% because, despite the successful
establishment of the graded buffer structure, the overall material
quality was poor [11,24–26]. In addition, the studies described above
mostly focused on structural characterization using very thin films
(�100 nm thick) grown on buffer layers. To date, there are few
reports that examined the influence of the processing temperature
on the cell performance using thick (�3 μm) Si1�xGex absorbers,
which is important for producing practical Si1�xGex heterojunction
devices. In this study, we systematically examined these influences
on Si0.3Ge0.7 heterojunction solar cells with a bandgap of 1.0 eV, and
focused specifically on the electrical properties of the cells.

2. Experiments

All samples were grown by solid-source molecular-beam epitaxy
(SS-MBE) using a system equipped with two electron guns for the Si
and Ge solid sources. First, 2-inch, low-resistivity (1�10�3Ω cm),
p-type Si(001) substrates were cleaned using the Radio Corporation
of America (RCA) method and annealed at 750 1C for 10 min in a
growth chamber to remove an ultra-thin oxide layer. The base
pressure of the growth chamber was typically 4.0�10�10 Torr. A
100-nm-thick, p-type Si buffer layer was deposited in order to
obtain an atomically flat and contamination-free surface. Next, 10
stepwise, compositionally graded Si1�xGex buffer layers and a
Si0.23Ge0.77 strain-inverted layer were deposited; these acted as a
metamorphic virtual substrate. The Ge content was increased by 7%
per step, and the thickness of each step layer was 300 nm. This gave
a total thickness of 3.3 μm and an average Ge gradient rate of �20%
μm. The growth temperature of the buffer layer (TBuffer) was 420 1C
or 500 1C. Thermal annealing was performed for 2 min after the
deposition of each step. The annealing temperature (TAnneal) was
varied from 650 1C to 900 1C. Then, a 150-nm-thick Si0.3Ge0.7 back
surface field (BSF) layer and a 3-μm-thick Si0.3Ge0.7 active layer
were consecutively grown. The growth temperature of the active
layer (TActive) was varied from 520 1C to 600 1C. The deposition rate
was 2.8 Å/s for all layers. The Si1�xGex buffer layers and the BSF
layer were doped with p-type dopants (Ga) to a concentration of
approximately �3�1017 cm�3, while the Si0.3Ge0.7 active layer was
doped with Ga at a concentration of 1.0�1016 cm�3. Finally, the
Si0.3Ge0.7 active layer was capped with an intrinsic 2-nm-thick Si
strained layer in an attempt to passivate the deleterious defects

Fig. 1. (a) Schematic structure of Si0.3Ge0.7 heterojunction solar cells. Cross-sectional TEM images of Si0.3Ge0.7 films grown at (b) TAnneal¼700 1C and (c) TAnneal¼850 1C.
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possibly present at SiGe surfaces, and to produce interfacial proper-
ties similar to those of Si cells [11,24]. For solar cell characterization,
the layers were capped with a combination of 100-Å-thick intrinsic
a-Si:H and 200-Å-thick n-type a-Si:H films fabricated by plasma-
enhanced chemical vapor deposition at 200 1C. A 90-nm-thick
In2O3:Sn (ITO) layer then followed; silver and aluminum were
deposited for the front and back contact electrodes, respectively,
as shown in Fig. 1(a). The cell size was 5 mm�5 mm. Structural
properties were studied using reflection high-energy electron
diffraction (RHEED), cross-sectional transmission electron micro-
scopy (TEM) and secondary ion mass spectroscopy (SIMS). For solar
cell characterization, quantum efficiency (QE) measurements were
carried out under a constant photon flux of 1�1014 cm�2. The light
current–density voltage (J–V) characteristics were measured under
air mass 1.5 global (AM 1.5 G) illumination at 1 sun.

3. Results and discussion

We examined the influence of TAnneal on the dark I–V curves of
Si0.3Ge0.7 heterojunction solar cells, as shown in Fig. 2. TAnneal was
varied from 650 1C to 900 1C. TBuffer and TActive were fixed at 500 1C
and 520 1C, respectively. A significant decrease in dark current
density was clearly observed with increasing TAnneal up to 850 1C.
These curves were fitted by a familiar form [27] to estimate J0 and
n

J ¼ J0 Uexpð
qðV�Rs U JÞ

nkT
�1ÞþV�Rs U J

Rsh
ð1Þ

where J0 is the saturation current density, Rs and Rsh are series and
shunt resistances, and q, n, k, and T are electron charge, diode
factor, Boltzmann's constant, and measurement temperature,
respectively. Because the n-a-Si:H layer used here was very thin
(�20 nm), these junction properties seemed to be determined by
the Si0.3Ge0.7 active layer, where the depletion region mainly
extends. Fig. 3 plots J0 and n as a function of TAnneal. The sample
grown at 650 1C exhibited larger values of J0¼7.5�10�4 A/cm2

and n¼1.83, which implies the predominance of the recombina-
tion current component in the diode characteristics. The value of n
was minimized to 1.45 at 800 1C, which was larger than that of Si
HIT cells (�1.2) [27]. The larger value of n in our cells was
presumably due to both the thicker i-a-Si:H layer as well as an
insufficient surface passivation. The thickness of the i-a-Si:H layer
(10 nm) is much greater than that of Si heterojunction cells (2–
5 nm) [28,29]. In our devices, significant degradations in both
short circuit current density (JSC) and open circuit voltage (VOC)
were observed for a thinner i-layer, where the thickness was less
than 10 nm. This was due to the surface roughness of Si1�xGex

layers. The root mean square (RMS) of the surface roughness of
Si1�xGex layers was typically larger than �2 nm due to the
formation of cross-hatch patterns, which differed from the atom-
ically flat surface of Si wafers; hence, a thicker i-layer is needed to
passivate the surface in order to suppress surface recombination.
In order to improve the diode characteristics, further investigation
of this observation is needed. Moreover, J0 monotonically
decreases from 7.5�10�4 A/cm2 for 650 1C to 5.0�10�5 A/cm2

for 900 1C. J0 obtained in this study is more closer to that obtained
for Ge cells (�3�10�5 A/cm2) [30,31] than to that obtained for Si
cells (�3�10�11 A/cm2) [32]. The J0 of Si0.3Ge0.7 heterojunction
cells fabricated in this work is roughly consistent with their
inherent bulk characteristics, though further improvements of
both the device structure and material quality are needed. On
the other hand, we observed obvious spotty patterns in RHEED
measurements during the annealing processes at temperatures
higher than 950 1C, which resulted from strong phase separation.

Fig. 4 plots the solar cell parameters: JSC, VOC, fill factor (FF), and
η as a function of TAnneal. It can be seen that TAnneal strongly affects
VOC and FF, while JSC is almost identical for all samples. VOC increases
significantly until 700 1C and then increases slightly with increasing
TAnneal up to 850 1C. VOC of 194.6 mV for 850 1C was slightly larger
than that of 189.9 mV for 900 1C. The FF shows similar behavior to
VOC, except that the largest FF, 52.11, was obtained for 900 1C. As a
result, the Si0.3Ge0.7 solar cell with the maximum η of 1.50%
(VOC¼189.9 mV, JSC¼14.96 mA/cm2, FF¼51.52) was obtained at

Fig. 2. TAnneal dependence on the dark I–V curves of Si0.3Ge0.7 heterojunction solar
cells. TAnneal was varied from 650 1C to 900 1C.

Fig. 3. Saturation current density (J0) and diode factor (n) as a function of TAnneal.

Fig. 4. Characteristics of Si0.3Ge0.7 heterojunction solar cells with various TAnneal.
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the optimum TAnneal of 850 1C. Cross-sectional TEM images obtained
for the samples grown at (b) TAnneal¼700 1C and (c) TAnneal¼850 1C
are shown in Fig. 1. A certain fraction of threading dislocations still
propagated to the Si0.3Ge0.7 active layer in (b). By contrast, most
dislocations terminated at the interfaces at each Si1�xGex buffer
layer in (c) and thus, threading dislocations were not observed in
the Si0.3Ge0.7 active layer. The threading dislocation density at the
surface was found to be on the order of 105 cm�2 for (c). These
results suggest higher TAnneal is responsible for the decrease in
threading dislocation density in the active layer, which results in a
decrease in recombination current components in the diode
characteristics.

Fig. 5 shows the light J–V curves obtained for the cells grown at
various TActive: (a) 520 1C, (b) 560 1C, and (c) 600 1C. TAnneal and
TBuffer were fixed at 850 1C and 420 1C, respectively. A low growth
temperature during deposition is known to be effective in reducing
the accumulation of threading dislocations [33]. As the layers
typically contain high-density intrinsic vacancy-type point defects,
these point defects can reduce the mechanical stress particularly in
the region where the stress is concentrated and thus decrease the
rate of dislocation nucleation. Because impurities in the atmosphere
can easily contaminate a Si wafer at a low growth temperature and
cause crystal defects, we adopted the low growth temperature only
for the buffer layers. We examined the influence of growth
temperature on the oxygen concentration in the Si0.3Ge0.7 layer by
SIMS, as shown in Fig. 6. A high O concentration of 4.3�1017 cm�3

was detected at 420 1C, and the concentration monotonically
decreased with increasing the temperature. The light J–V curves
are summarized in Table 1. It can be seen that VOC and FF
monotonically increased as the TBuffer decreased, while JSC increased

from 16.0 mA/cm2 for 520 1C to 21.0 mA/cm2 for 600 1C, as a result
of the decrease in O contamination in the Si0.3Ge0.7 layer.

Fig. 7 shows the internal quantum efficiency (IQE) spectra
measured from the cells shown in Fig. 5. The IQE spectra were
obtained by taking into account the reflection at the surface. An
absorption edge of roughly 1.0 eV (�1240 nm) was clearly observed
(inset of Fig. 5); these are consistent with the inherent bandgap
characteristics of the cells [6]. The poor IQE response for longer
wavelengths is primarily due to the lack of absorption thickness of
the active layer. Based on the absorption coefficient of Si1�xGex [11],
an absorber with a thickness of �10 μm would achieve sufficient
absorption for solar cell applications, while a relatively shorter
minority lifetime of 1–20 μs in Si1�xGex [34] may impede carrier
collection in such thicker cells. It should be noted that the longer
wavelength IQE increased for higher TActive, presumably due to a
decrease in crystal defects caused by O contamination, as shown in
Fig. 6. In our devices, the thicker a-Si:H layer (30 nm) leads to a
decrease in the IQE response for wavelengths shorter than 450 nm.
Because the absorption depth for 450-nm light is typically smaller
than �30 nm in an a-Si:H layer [29], the carriers generated in an
a-Si:H layer resulted in absorption losses. However, high tempera-
ture growth of 600 1C caused both the accumulation of the thread-
ing dislocation and roughening of the surface, as shown in Fig. 8,
which resulted in the degradation of the diode characteristics.
Reduction of IQE in the wavelength range shorter than 600 nm
observed for the cell with TActive of 600 1C (Fig. 7) can be also
ascribed to the roughening of the surface in this sample. Further-
more, the misfit dislocation density in Si1�xGex buffer layers clearly
increased for 600 1C, probably due to the effect of thermal anneal-
ing during the growth of the active layer. For this reason, applying a
low growth temperature would likely achieve good device opera-
tion. Studies of this hypothesis are currently underway.

4. Conclusions

We studied the influence of the processing temperature on
Si0.3Ge0.7 heterojunction solar cells grown on Si(001) by MBE.
Stepwise compositionally graded Si1�xGex buffer layers were

Fig. 5. Light J–V curves obtained for the solar cells grown at various TActive of
(a) 520 1C, (b) 560 1C, and (c) 600 1C.

Fig. 6. Oxygen (O) concentration in Si0.3Ge0.7 layer measured by SIMS as a function
of growth temperature.

Table 1
Parameters obtained from J–V curves measured in Fig. 5.

TActive (1C) n J0 (A/cm2) η (%) JSC (mA/cm2) VOC (mV) FF

520 1.40 7.0�10�5 1.51 16.03 178 53.12
560 1.42 1.8�10�4 1.41 18.56 155 48.95
600 1.60 3.0�10�4 1.15 20.95 132 41.68

Fig. 7. Internal quantum efficiency (IQE) spectra for 3-μm-thick Si1�xGex hetero-
junction solar cells grown at various TActive of (a) 520 1C, (b) 560 1C, and (c) 600 1C.
The inset shows the log-scale IQE spectra for each cell.
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successfully applied to prepare the Si0.3Ge0.7 films with low dis-
location density. Annealing at a sufficiently high temperature
(greater than 800 1C) promoted dislocation annihilation at the
interfaces of each buffer layer, resulting in a decrease in recombina-
tion current components in diode characteristics. The diode factor
was minimized to 1.45 at 800 1C, while J0 monotonically decreased
from 7.5�10�4 A/cm2 for 650 1C to 5.0�10�5 A/cm2 for 900 1C. An
extended absorption edge up to 1.0 eV (1240 nm) was clearly
observed for the Si0.3Ge0.7 cells. The Si0.3Ge0.7 cell grown at 600 1C
exhibited both a higher short circuit current density of 20.95 mA/
cm2 and an improved IQE response in the longer wavelength
region, presumably due to the reduction of crystal defects caused
by oxygen contamination. At the same time, the accumulation of
threading dislocation and roughening of the surface was observed,
resulting in the degradation of the open circuit voltage and the fill
factor.
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a b s t r a c t

We fabricated 20-layer-stacked Ge/Si1�xCx quantum dots (QDs) by solid source molecular beam epitaxy,
for the realization of Si-based, strain-compensated Ge QDs. We inserted 2-nm-thick Si mediating layers
between the Ge QDs and the Si1�xCx strain-compensating spacer layers (SCLs) and evaluated their
influence on the structural and optical properties of the obtained system. High density QDs with a size
fluctuation of approximately 14% were successfully maintained independent of the number of stacked
layers in the case of QDs with Si mediating layers, while the QD size monotonically increased with a
number of stacked layers in the case of QDs without Si mediating layers. The sheet density of QDs with Si
mediating layers reached 1.2�1011 cm�2. A strong photoluminescence (PL) emission with a line-width
of 96.7 meV was obtained for the QDs with Si mediating layers. The improvement of the aforementioned
properties was caused by both the absence of C bonds at the surface and the improved surface roughness
obtained by introducing Si mediating layers. The QD size increased for the 20-layer-stacked Ge/Si QDs
samples grown with 10-nm-thick spacer layers, due to the accumulation of internal strains. By contrast,
the size distribution of QDs was almost constant for the range of spacer layer thicknesses used in the
present work (between 10 nm and 40 nm), implying that the tensile-strained Si1�xCx SCLs compensated
a certain fraction of the strain field created by the compressive-strained Ge QDs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Self-assembled Ge quantum dots (QDs) have been widely
employed in devices such as field-effect transistors (FETs) [1], infrared
photodetectors (IPs) [2,3], light emitting diodes (LEDs) [4,5] and solar
cells [6,7]. Recently, it has been discovered that QD intermediate band
solar cells (QD-IBSCs) may achieve a higher conversion efficiency than
conventional single-junction solar cells by utilizing two-step optical
transitions via intermediate band (IB) states (transitions from the
valence band (VB) to the IB and from the IB to the conduction band
(CB)), in addition to the conventional optical transition from the VB to
the CB [8,9]. In particular, applying group-IV Ge/Si self-assembled QDs
to QD-IBSCs is thought to be advantageous in several respects. First,
the photo-generated electron–hole pairs can be efficiently separated in
real and k spaces, because they have type-II heterointerfaces and
indirect band structures [10,11]. Second, Ge/Si QD-IBSCs can be
processed using cost-effective, mature Si technologies. Furthermore,
in Ge/Si systems the absorption edge can expand toward longer
wavelengths, typically in the 1.5-μm region, compared to the more

conventional, well-studied GaAs-based systems, such as the In(Ga)As
QDs, which present an absorption edge in the range of 1.0–1.3 μm
[12,13].

In order to realize practical QD-IBSCs, QDs should be dense,
homogeneous in size, and periodically distributed to form the
mini-bands utilized as IB states. The most popular QD fabrication
technique is based on the exploitation of a spontaneous self-
assembly mechanism forming coherent three-dimensional islands
during growth, which is known as Stranski–Krastanov (S–K)
growth and occurs during lattice-mismatched epitaxy. Increasing
the number of stacked self-assembled QDs is a promising way to
increase the total QD density, though some difficulties may arise
from the accumulation of compressive strains induced by QD
layers. If the host material used for burying the QDs was the same
as the substrate, the QDs in a stacked configuration would be
generally accompanied by an increase in size and in case their
thickness exceeded a critical value, they would generate misfit
dislocations. More recently, a strain compensation growth techni-
que was employed for GaAs-based [14,15] and InP-based QD
[16] systems. The compressive strain induced by the QDs was
compensated by the tensile strain due to the presence of spacer
layers, which have a smaller lattice constant than that of the
substrate [17,18]. In the case of Ge/Si QDs, a Si1�xCx material
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having a small amount of carbon (�1%) in a Si matrix can be
used as a strain-compensating spacer layer (SCL). Though the
growth of Ge QDs on the carbon-mediated Si surface has
been intensively studied [19–30], there are few reports on the
use of Si1�xCx materials as SCLs. The present paper presents
the structural and optical properties of multi-stacked, strain-
compensated Ge/Si1�xCx QDs grown by solid source molecular
beam epitaxy (MBE).

2. Experimental methods

All samples were grown on Si (001) substrates by solid source
MBE equipped with electron beam guns for the Si and Ge solid
sources. A pyrolithic graphite filament cell heated at 1400 1C was
used to incorporate C into the layer. Before the Si substrates were
loaded into the growth chamber, they were chemically cleaned
using the Radio Corporation of America (RCA) procedure [31]. The
base pressure of the growth chamber was typically 4.0�10�10 Torr.
After a thermal cleaning at 750 1C to remove the superficial ultra-
thin oxide layer, a 150-nm-thick Si buffer layer was grown at 600 1C
at a rate of 2.5 Å/s. Then, a spacer layer with a selected thickness
and 4.6 monolayers (ML) of Ge QDs were consecutively grown in
pairs at 500 1C, until either 10 or 20 cycles were completed. The
growth was interrupted for 5 s after the deposition of Ge to enhance
the three-dimensional islanding growth. This growth procedure has
been previously reported as a pulse growth technique [32]. The
thickness of the spacer layer (y) was varied from 10 nm to 40 nm.
We compared two kinds of spacer layer structures in Ge/Si1�xCx
QDs as shown in Fig. 1(c) and (d): the first one included a y-nm-
thick Si1�xCx SCL, and the other one included a (y�4)-nm-thick
Si1�xCx SCL sandwiched between 2-nm-thick Si mediating layers.
The growth rate of Ge QDs and Si1�xCx SCLs were 2.6 Å/s and 2.0 Å/
s, respectively. A stack of 20 layers consisting of 5.0 ML of Ge QDs

and Si spacer layers were fabricated as a reference. The C content in
the Si1�xCx layers used in this work was x¼0.001, which was
estimated by a separate set of experiments performed using high
resolution X-ray diffraction (HR-XRD) on 200-nm-thick Si1�xCx
layers grown onto Si substrates using the same conditions used
for the growth of the Ge/Si1�xCx QD samples.

The structural properties of the achieved systems were eval-
uated by atomic force microscopy (AFM) and scanning transmis-
sion electron microscopy (STEM). For optical characterization,
photoluminescence (PL) measurements were carried out at 12 K
using a Ge photodetector cooled by liquid nitrogen in a standard
lock-in configuration. A 532 nm green laser with a spot diameter
of 500 μm at an excitation intensity of 101.8 mW was employed as
excitation light source.

3. Results and discussion

Fig. 1 shows the AFM images of the topmost QD layer of the 10-
layer-stacked Ge/Si1�xCx QDs samples grown (a) with and
(b) without the 2-nm-thick Si mediating layers. The spacer layer
thickness (y) was 40 nm for both samples. The average height,
average lateral size, fluctuation in lateral size, and sheet density
were determined to be 1.7 nm, 28.3 nm, 14.0%, and 1.3�1011 cm�2

for (a), and 2.0 nm, 31.0 nm, 16.7%, and 5.1�1010 cm�2 for (b),
respectively. Although the QD size was roughly the same for both
samples, high-density Ge QDs with a better uniformity in size
were obtained by using Si mediating layers, as shown in Fig. 1(a).
Leifeld et al. argued that the formation of islands of Ge on the
surface of a Si–C alloy starts at a lower coverage than on bare Si
[23]. In that system, a Volmer–Weber growth mode was respon-
sible for Ge QD formations instead of the S–K growth mode, which
is typical for Ge QD formations on a Si surface. This occurred
because Ge tends to wet the Si region first, since the C-rich areas

Fig. 1. AFM images of the topmost QD layer for the 10-layer-stacked Ge/Si1�xCx QDs samples grown (a) with and (b) without Si mediating layers. The scan size is 1�1 μm2.
(c) and (d) Show schematic illustrations of the sample structures corresponding to (a) and (b).
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repel the Ge ad-atoms. Indeed, we observed spotty patterns in
reflection high-energy electron diffraction, which indicate a three-
dimensional growth at an earlier stage of Ge deposition of �4 ML
for (a) compared to that of �3 ML for (b). Furthermore, we
observed that the root-mean-square (RMS) of the surface rough-
ness before the Ge deposition was reduced from 8.02 Å for (b) to
6.45 Å for (a) by introducing 2-nm-thick Si mediating layers. Thus,
the improvement in the homogeneity of the QD size for (a) is
presumably caused by both the absence of C bonds at the surface

and the improved surface roughness. Fig. 2 shows a plot of the
parameters related to the size distribution of multi-stacked Ge/
Si1�xCx QDs grown (a) with and (b) without Si mediating layers as
a function of the number of stacked layers. Fig. 2(b) shows that all
the parameters except the sheet density increased with increasing
the number of stacked layers. The decrease in the sheet density
was due to the increase in QD size, since the total volume of Ge
QDs should be maintained regardless of the number of stacked
layers. Conversely, Fig. 2(a) shows that these parameters were
successfully maintained independent on the number of stacked
layers for the QDs grown with Si mediating layers. Fig. 3(a) and
(b) shows the bright field (BF) and high-angle annular dark field
(HAADF) STEM images of the cross section obtained from the top
portion of the 10-layer-stacked Ge/Si1�xCx QDs sample grownwith
Si mediating layers, while (c) and (d) show the images taken for
the stacked Ge QDs sample without Si mediating layers. Both
misfit dislocations and C atoms clusters were not observed for any
of the two QD samples in (a) and (c). Furthermore, an unexpected
undulation at the heterointerface between the Ge QDs and the
underlying spacer layer was observed for (d), in excellent agree-
ment with the RMS of the surface roughness before the Ge
deposition.

Fig. 4 shows the PL spectra at 12 K for the 10-layer-stacked Ge/
Si1�xCx QDs samples grown (a) with and (b) without Si mediating
layers. Fig. 4(c) shows the spectra obtained for the 10-layer-
stacked Ge QDs reference sample grown with Si spacer layers.
The spacer layer thickness (y) was 40 nm for all the samples. The
PL peak energy and the full width at half maximum (FWHM) for
Ge QDs were 0.828 eV and 96.7 meV, respectively, in case (a);
0.845 eV and 198.2 meV, respectively, in case (b); and 0.818 eV and
85.2 meV, respectively, in case (c). The PL peaks of 1.08 eV and
1.02 eV for (c) are originated from the transverse-optical (TOSi)
phonon replica and two components of TOSi and zero center (OΓ)
phonons (TOSiþOΓ) of Si, respectively [33], although their emis-
sion energies were slightly deviated from those obtained from
intrinsic Si bulks (1.099 eV for TOSi and 1.053 eV for TOSiþOΓ lines,
respectively, denoted as dash lines in Fig. 4) due to the tensile
strain induced by Ge QDs. The broad PL peak near 1.0 eV was

Fig. 2. Parameters of size distribution of multi-stacked Ge/Si1�xCx QDs grown
(a) with and (b) without Si mediating layers as a function of the number of stacked
layers.

Fig. 3. (a) BF and (b) HAADF STEM images of the top portion of the 10-layer-stacked Ge/Si1�xCx QDs sample grown with Si mediating layers. (c) and (d) Show the images
taken for the stacked Ge QDs sample without Si mediating layers.

K. Gotoh et al. / Journal of Crystal Growth 425 (2015) 167–171 169



mainly composed of 3 small peaks, such as 1.06 eV for the TO
phonon replica of the Si1�xCx layers (TOSiC), and 1.00 eV and
0.95 eV for the no-phonon transition (NPGe) and the TO phonon
replica (TOGe) of Ge wetting layers [34,35]. The PL peak energy of
the TOSiC was shifted toward 1.06 eV from the peak observed at
1.08 eV for the TOSi, due to the reduction of the Δ valley in the
conduction band induced by the incorporation of C in a Si matrix
[36,37]. The PL emission intensity for (a) was 2.5 times stronger
than that for (b). Further, the FWHM was 198.2 meV for (b) and
96.7 meV for (a). The introduction of Si mediating layers may
benefit both the QD homogeneity and the heterointerfaces formed
at the surface of the Ge QDs. However, the PL intensity and the

FWHM for (a) were not as good as those observed for Ge/Si QDs, as
shown in (c), implying that an optimization of the structure, as
well as of the growth condition for Si1�xCx SCL, are still needed. On
the other hand, the PL peak energy for (a) was shifted toward the
blue region of approximately 10 meV compared with (c). This was
caused by an increase in the local strain fields around the QDs, due
to the tensile strains caused by the Si1�xCx SCLs and/or by the
strong confinement effects occurring as a result of the formation of
smaller Ge QDs on the combined set of Si1�xCx SCLs and Si
mediating layers compared with the Ge QDs formed on the plain
Si spacer layers, as shown in Fig. 5.

Fig. 5 shows the AFM images of the topmost QDs on the 20-
layer-stacked Ge QDs samples grown with (a) 10-nm, (b) 20-nm,
and (c) 40-nm-thick Si1�xCx SCLs and Si mediating layers, and
with (d) 10-nm, (e) 20-nm, and (f) 40-nm-thick Si spacer layers.
Smaller QDs with a higher sheet density were observed for (a), (b),
and (c) compared with (e), (f), and (g), respectively. This indicates
that the C atoms in the Si1�xCx SCLs keep affecting the QD
formation even if a 2-nm-thick Si mediating layer embeds the
Si1�xCx layer. The parameters relative to the size distribution of the
20-layer-stacked Ge QDs samples grownwith (a) a combined set of
Si1�xCx SCLs and Si mediating layers and (b) Si spacer layers as a
function of the spacer layer thickness (y) are shown in Fig. 6. The
QD size and size fluctuation for (a) were successfully maintai-
ned independent on the spacer layer thickness, while those for
(b) monotonically increased with decreasing the spacer layer
thickness. A significant decrease in the sheet density, accompanied
by an increase in QD size, was observed for y¼10 nm for both the
structures, though the decreasing rate of the sheet density for
(a) was much smaller than that for (b). In general, the second sheet
of QDs grows in the strain field created by the buried first sheet of
QDs in a multi-stacked configuration. This type of vertical correla-
tion has been observed in various material systems, including Ge/
Si [38–40]. In the Ge/Si1�xCx QD system, the tensile-strained
Si1�xCx SCL seems to compensate a certain fraction of strain field
induced by the Ge QDs, though 1.7% of C content in Si1�xCx SCL

Fig. 4. PL spectra at 12 K for the 10-layer-stacked Ge/Si1�xCx QD samples grown
(a) with Si mediating layers and (b) without Si mediating layers. (c) PL spectra at
12 K for the 10-layer-stacked Ge QD sample grown with 40-nm-thick Si spacer
layers used as a reference. Dash lines denote each emission line obtained from Ref.
33–37.(For interpretation of the references to color in this figure, the reader is
referred to the web version of this article.)

Fig. 5. AFM images of the topmost QD layer for the 20-layer-stacked Ge QD samples grown with (a) 10-nm, (b) 20-nm, and (c) 40-nm-thick Si1�xCx spacer layers and Si
mediating layers. AFM images for the samples grown with (d) 10-nm, (e) 20-nm, and (f) 40-nm-thick Si spacer layers.
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would be still necessary to completely compensate the compres-
sive strain for y¼10 nm.

4. Conclusions

We fabricated multi-stacked, strain-compensated Ge/Si1�xCx

QDs with Si mediating layers using solid source MBE. The
influence on the structural and optical properties of the introduc-
tion of 2-nm-thick Si mediating layers between the Ge QDs and
the Si1�xCx SCLs was investigated. The distribution of several
parameters (including QD size, lateral size fluctuation, and sheet
density) relative to the Ge/Si1�xCx QDs grown with Si mediating
layers was successfully maintained independent of the number of
stacked QD layers, while the distribution of the same parameters
relative to the QDs grown without Si mediating layers increased
with the number of stacked QD layers. As a result, the PL emission
for the QDs with Si mediating layers was 2.5 times stronger than
that for the QDs without Si mediating layers. The improvement of
the properties was presumably caused by both the absence of C
bonds at the surface and the improved surface roughness due to
the introduction of Si mediating layers. Furthermore, we revealed
that the increase in the QD size observed in the case of 10-nm-
thick spacer layers was effectively suppressed by using a combina-
tion of a Si1�xCx SCLs and Si mediating layers. This suggests that
tensile-strained Si1�xCx SCLs compensated a certain fraction of the
strain field created by compressive-strained Ge QDs.
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a b s t r a c t

We report on Sn-contained nanocrystals formed in Si and SiGe matrixes via Sn precipitation upon
annealing of thin metastable Si1�x�yGexSny layers grown by molecular beam epitaxy. The nanocrystals
exhibit a cubic lattice, which is coherent with the matrix. The density of the nanocrystals decreases with
the annealing temperature revealing a kinetic formation pathway. New optical spectral features below
the Si band gap are observed in photoluminescence spectra of the samples with nanocrystals. The origin
of these new spectral features is discussed.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

During the recent 15 years Si became a viable platform for
photonics applications owing to the commercialization of SOI wafers
[1]. At present the creation of a variety of active and passive CMOS-
integrated photonic devices is demonstrated [2]. Particular efforts
are devoted to an active light-emitting media, which requires the
direct band gap material. Recently, several groups have reported on
direct band gap SiGeSn alloys grown epitaxially on Si [3–5]. This
achievement became possible due to a low energy gap between
indirect L and direct Γ valleys in Ge of approximately 140 meV,
which shrinks by embedding a few percent of Sn [3,6]. Unlike Ge, Si
is a strongly indirect band gap semiconductor (EΓ�EX42 eV). Thus,
a low Sn fraction should not transform Si to the direct band gap
semiconductor. Theoretically, the direct bang gap could be achieved
in a SiSn alloy at Sn fractions of less than 50 at%, if Ge is added to the
SiSn system [3,7,8]. Experimentally, thin defect-free SiSn/Si layers
having Sn fractions of up to only 9 at% (10 nm thick) [9] or 16 at%
(1 nm thick) [10] were reported up to the date. These values are
much lower than those required to achieve the direct band gap.
Thereby, pseudomorphic epitaxial SiGeSn layers grown on Si could
not be the candidates for the direct band gap material.

However, an increase in the Sn fraction could be achieved by
applying annealing to the metastable SiSn alloys [11]. Then, Sn

precipitation takes place due to the phase separation between
Sn and Si, which is a commonly observed phenomenon in the
immiscible systems [12]. These precipitates (nanocrystals) may
contain pure Sn [11]. Moreover, a SiSn compound could also be
expected in the nanocrystals by analogy to the GeSn system [13].
As the Sn fraction in the SiSn alloy increases, the band gap of the
SiSn alloy should decrease [8]. Thus, a coherent SiSn nanocrystal
in a Si matrix could be considered as a quantum dot, which may
result in the radiative recombination of charge carriers. Although,
the photoluminescence (PL) of α-Sn QDs in a Si matrix has not yet
been confirmed [14], the idea of Sn-rich quantum dots in Si
remains promising.

In our current study we experimentally re-examine this idea.
Furthermore, we modify the composition of the Sn precipitates
placing them in a GeSi quantum well. In this case the transition to
the direct band gap semiconductor may occur at lower Sn fractions
in the Si1�x�yGexSny nanocrystals [7,8].

2. Experiment

The investigated samples were obtained in two stages. Firstly,
the Sn-contained thin layers were coherently embedded in a Si
matrix by applying non-equilibrium molecular beam epitaxy (MBE,
SIVA45 setup by Riber). The MBE growth was carried out on a
Si(001) substrate. Secondly, the as-grown samples were ex situ
annealed in the Ar atmosphere at temperatures between 450 and
900 1C for one hour.

An experimental evidence of the formation of Sn precipitates
in Si has been already reported elsewhere [11,15]. These
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experiments have revealed that when the thickness of a SiSn
layer remains �100 nm, annealing results in α- and β-Sn
precipitates [16]. However, for relatively thin SiSn layers
(�2 nm) only α-Sn precipitates have been found after annealing
[11]. Therefore, the thickness of the Sn-contained layer in our
experiments was limited to approximately 4 nm in order to form
preferably cubic phase nanocrystals.

The structure of the as-grown samples was as follows: a 50 nm
thick Si buffer layer, a 4 nm thick Si1�x�yGexSny layer sandwiched
between two 2 nm thick Si1�xGex cladding layers (x¼0.33), and a
30 nm thick Si capping layer. The buffer and capping layers were
grown at 450 1C, while Sn-contained layers were deposited at
200 1C to suppress Sn segregation [9]. The compounds were grown
using a co-deposition of Ge, Si, and Sn. The nominal Sn composi-
tion (y) in the Si1�x�yGexSny layer was kept at approximately
y¼7 at%. The Ge content in the GeSi/Si1�x�yGexSny/GeSi layers
was varied. Four samples having x¼0, 0.25, 0.5, 0.93 denoted as
samples 1, 2, 3, 4 respectively, were grown. In the case of the two
samples (1 and 4) the cladding GeSi layers were not grown.

The two sets of samples (as-grown and annealed) were character-
ized by using transmission electron microscopy (TEM), X-ray diffrac-
tion (XRD), and photoluminescence (PL). The crystal structure and
composition of the samples were investigated in the cross-section
and plan-view geometries using high-resolution TEM (HR TEM,
JEM 4010), scanning TEM (STEM, FEI TITAN 80/300), and energy-
dispersive x-ray spectroscopy (EDX, FEI TITAN 80/300). The XRD
reciprocal space mapping (XRD RSM) was carried out for the Si 115þ
reflections using a Bruker high-resolution diffractometer D8 with a
Göbel mirror and a channel cut monochromator for CuΚα1 radiation,
and a Vantec detector. The PL investigation was carried out in a He-
cryostat at 10 K. The samples were excited by a 488 nm line of an Arþ

laser at a power density of 20Wcm�2. The PL spectra were recorded
using a LN2-cooled InGaAs detector having the long-wavelength
detection limit of 2400 nm.

3. Results

Fig. 1 shows the results of the plan-view TEM investigation of
the set of annealed samples. Fig. 1a illustrates the nanocrystals in
Ge-free sample 1. The dependence of the density of precipitates on
the annealing temperature and Ge composition is depicted in Fig. 1b.
All Ge-contained samples reveal precipitation at lower temperatures
in comparison to Ge-free sample 1. No precipitates are detected in
the Ge-free sample at temperatures of 600 1C and below. The plan-
view TEM images reveal that the mean diameter of nanocrystals in
Ge-contained samples remains in the range 3–5 nm, while the
diameter in the Ge-free samples is 5–10 nm. The smaller nanocrys-
tals are formed at lower annealing temperatures.

Fig. 2 shows two STEM images of as-grown and annealed
sample 2, depicted in Fig. 2a and b, respectively. The bright stripe
in both samples indicates the Ge-contained region (a quantum
well). Due to a low Sn fraction in the as-grown sample no contrast
modulation between SiGe and SiGeSn layers is observed. However,
as sample 2 is annealed (Fig. 2b), the bright spots become visible
revealing an increase in the Sn fraction in the nanocrystals. In
this particular sample the nanocrystals possess a shape of oblate
ellipsoids elongated in the SiGeSn plane. The length of the semi-
principal axe along the growth direction is approximately 3 nm,
while the both large axes are approximately 5 nm.

Quantitatively, the EDX measurement gives the Sn fraction in
the specimen section containing nanocrystals between 14 and
25 at%. Since the TEM specimen thickness remains an unknown
parameter in the EDX-experiment, the resulting Sn fraction within
the nanocrystals is underestimated. In order to approach more
realistic data we applied electron energy loss spectroscopy (EELS)

to measure locally the specimen thickness. Then, the composition
of nanocrystals was recalculated taking into account the specimen
thickness, the mean size of nanocrystals, and the EDX-measured
Sn fractions within the nanocrystals. This combined method gave
us a much higher distribution of Sn fractions inside the nanocrys-
tals: 40–100 at%. We note that such high distribution may origi-
nate from a limited accuracy of EDX and EELS methods.

Along with the composition inside the Sn-rich precipitates, their
crystallographic structure is of particular importance. Therefore, we
have carried out XRD RSM of sample 2. The results of XRD RSM are
shown in Fig. 2c (as-grown sample 2) and d (annealed sample 2).
Interestingly, both RSM images look very similar: SiGeSn-related
RSM peaks lie at the same in-plane coordinate (Qx) as the funda-
mental Si peak, while being separated from the Si peak in the out-
of-plane direction (Qz). This observation unambiguously reveals the
pseudomorphic nature of both the as-grown and annealed SiGeSn
films. Despite Fig. 2c and d looks identical, the positions of the XRD
maxima of SiGeSn layers in the as-grown and annealed samples are
different. The XRD peak of the SiGeSn layer in the annealed sample
is shifted towards fundamental Si peak in comparison to the

Fig. 1. (a) Plan-view TEM image of sample 1 annealed at 800 1C, black dots are Sn-
rich nanocrystals of approximately 10 nm in diameter; (b) dependence of the
nanocrystals density on the annealing temperature and Ge fraction in the GeSi
quantum well, the line is guide to the eyes. Data points are collected by applying
plan-view TEM.
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position of the SiGeSn peak in the as-grown sample. This fact may
indicate that Sn atoms are transferred from the 2D SiGeSn layer to
nanocrystals. No other indications of nanocrystals formation have
been revealed by applying our lab XRD.

A confirmation of the cubic nature of nanocrystals has been
received applying HR TEM. Fig. 3a shows HR TEM image of one of
such precipitates. The HR TEM image reveals cubic lattice within
the nanocrystal. The diffractogram of the HR TEM image is
depicted in Fig. 3b. These two images indicate that the crystal
lattice within and nearby the nanocrystal is cubic.

Fig. 4 shows four PL spectra: two spectra of sample 1 annealed at
500 and 800 1C, the spectrum of as-grown sample 2, and the spectrum
of sample 2 annealed at 450 1C. All samples reveal an intensive spike at
1.136 μm (1.092 eV), which is related to the phonon-assisted radiative
recombination in Si. This spike is accompanied by two weaker
satellites 1.095 μm (1.132 eV) and 1.206 μm (1.028 eV) revealing a
fingerprint of the B-doped substrate. No other spectral features are
observed in the as-grown sample. Additional spectral features appear
in the PL spectra of annealed samples. The PL spectra of two different
samples: sample 1 (curve c) and sample 2 (curve b), annealed at
450 1C and 500 1C, respectively, show an additional broad band in the
range 1.6–1.8 μm. Moreover, the Ge-free sample 1 (curve c) reveals
additional spectral features next to the fundamental Si-TO band at
1.295 μm (0.957 eV) and 1.344 μm (0.922 eV). In the case of 800 1C-
annealed sample 1 (curve d), no spectral features appear between 1.6–
1.8 μm. However, a new triplet band appears in the PL spectrum of this
sample close to the fundamental Si TO-line. These triplet lines are
peaked at 1.192 μm (1.040 eV), 1.256 μm (0.987 eV), and 1.323 μm
(0.937 eV). Their positions are markedwith downward arrows in Fig. 4.

4. Discussion

The limited solubility in the SiSn system makes MBE-grown SnSi
alloys metastable. An annealing activates precipitation. Our

experiments reveal that the addition of Ge to the SiSn system leads
to the Sn precipitation at lower temperatures, than in the Ge-free
samples. Moreover, we observed that as the annealing temperature
increases the density of the nanocrystals decreases and the mean size
of nanocrystals increases. The latter two phenomena indicate that the
diffusion of Sn atoms towards existing precipitates at high tempera-
tures makes nucleation of new precipitates less probable. Both these
phenomena are signs of the kinetic precipitation mechanism. More-
over, our results (Fig. 1b) indicate that an addition of Ge results in
nucleation of Sn-rich nanocrystals at lower temperatures, than with-
out Ge. This phenomenon may be understood as a reduction of the
nucleation barrier of nanocrystals formation or as an increase in the
Sn diffusivity in Si due to presence of Ge.

The HR TEM images show that SiGeSn nanocrystals having the
size of 3–5 nm exhibit a cubic structure. Moreover, the diffrac-
togram of the HR TEM image (Fig. 3b) reveals no doubling of
diffraction reflexes, which might give a sign of a relaxed lattice
within the precipitates [15]. Thus, we believe that such nanocrys-
tals remain coherent with the Si matrix. The XRD RSM investiga-
tion reveals the pseudomorphic nature of both types of the
samples: as-grown and annealed. Thus, we claim the coherence
of our structures with the matrix.

The coherent SiGeSn precipitates reported in the current study
are approximately 3–5 nm in diameter. Interestingly, this size is
larger than the size, which may have a coherent pure α-Sn nano-
crystal in Si equaling to approximately 1 nm [16]. The critical
diameter of a coherent nanocrystal scales as dcrit�1/y2, where y is
the Sn fraction in the nanocrystal. Therefore, the nanocrystals
containing 60-to-30 at% Sn may become coherent with the Si host,
while having a diameter of 3-to-5 nm, respectively. A comparison
of this estimation with our quantitative EDX-measurements gives
a realistic range of Sn fractions in the nanocrystals: 40–60 at%.

As the Sn fraction in Si or SiGe solid solution increases, the band
gap of this solid solution should decrease. Thus, independently of
the type of the heterojunction SiGeSn/Si, at least one type of the

Fig. 2. (a), (b) Cross-section STEM images and (c), (d) HR XRD RSM-s of sample 2; (a) and (c) as-grown sample 2; (b) and (d) sample 2 annealed at 450 1C. Bright stripes in
(a) and (b) depict regions with heavy-mass elements, i.e. Ge and Sn, bright spots in (b) show Sn-rich nanocrystals. White arrows in (c) and (d) indicate the positions of RSM
intensity maxima of GeSnSi layers in both samples.
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charge carriers should be localized in the Sn-contained nanocrystals.
This allows referring them to as quantum dots. A PL investigation of
such quantum dots may reveal new quantum dot-related features in
the energy range below the Si fundamental band gap.

Indeed, our PL experiments show several additional spectral
features in the samples containing nanocrystals (curves b and d,
Fig. 4) in comparison with the spectrum of the as-grown sample
(curve a, Fig. 4). The moderate annealing of samples at 450 1C and
500 1C results in the appearance of a PL spectral band between 1.6 and
1.8 μm (curves b and c). The Ge-contained sample 2 annealed at
450 1C already reveals precipitation, while Ge-free sample 1 annealed
at 500 1C does not (Fig. 1b). This fact prompted us to the assumption
that the 1.6–1.8 μm spectral band has no relation to the nanocrystals.
The spectral position and the specific shape of this band exhibiting a
long wavelength fringe have led us to the conclusion that this is a so-
called “P-line” caused by oxygen complexes in the Czochralski-grown
substrates [17]. A long wavelength fringe (λ41.8 μm) of this band
may contain not-resolved peaks related to carbon complexes in Si.
This “P-line” should not appear in the spectrum of Czochralski-grown
substrates annealed above 500 1C [17]. This is exactly the case of
Ge-free sample 1 annealed at 800 1C.

The PL spectrum of this sample (curve d, Fig. 4) reveals an
additional well-resolved triplet band. The peaks in this band are
separated from each other and from the fundamental Si peak by
approximately 55 meV. Therefore, an assumption of the phonon-
assisted nature of this triplet band seems to be feasible. For
example, Arguirov et al. [18] have reported on the PL observation
of the 987 meV and 1040 meV peaks at 80 K in solar-grade Si
arguing that the phonon-mediated transitions are responsible for
the appearance of these two lines.

The line peaked at 937 meV (curve d, Fig. 4) could be a multiple-
phonon assisted radiative recombination in Si. It is unlikely that this
line originates from the defects in Si, despite its position fits well to
the position of the so-called D3-line [18]. In the latter case other
defect-related lines (D1, D2, and D4) should accompany the D3-line,
which is not the case.

It is worth noting that the observed triplet band (curve d, Fig. 4)
is unusual in the PL spectra of Si at 10 K. It is found in the PL
spectrum of the sample containing Sn-rich nanocrystals. Therefore,
we assume that this triplet band could be originated from the
phonon-assisted optical transitions in the Sn-rich nanocrystals.

5. Conclusions

The formation of Sn-enriched nanocrystals in Si and SiGe
matrixes has been investigated. It is found that the nanocrystals
having diameters of 3–5 nm and Sn fractions in the range 40–60 at%
form in the SiGe quantum well in Si. The PL spectra of the samples
with nanocrystals reveal new spectral lines below the fundamental
band gap of Si, which might be related to the optical transitions in
the nanocrystals.
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a b s t r a c t

Graphitic carbon films prepared by using molecular beam epitaxy (MBE) on metal templates with
different thicknesses deposited on SiO2/Si substrates are investigated in this paper. With thick Cu
templates, only graphitic carbon flakes are obtained near the Cu grain boundaries at low growth
temperatures on metal/SiO2 interfaces. By replacing the Cu templates with thin Ni templates, complete
graphitic carbon films with superior crystalline quality is obtained at 600 1C on SiO2/Si substrates after
removing the Ni templates. The enhanced attachment of the graphitic carbon film to the SiO2/Si
substrates with reduced Ni thickness makes the approach a promising approach for transferring-free
graphene preparation at low temperature by using MBE.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Since the first discovery of graphene film obtained by the
exfoliation method from graphite in 2004 [1], many researchers
have studied methods to enlarge the film size and its crystalline
quality. Unlike flakes of graphene obtained via the exfoliation
method, SiC sublimation and chemical vapor deposition (CVD) on
metal templates are two approaches, which have demonstrated
large-area graphene growth [2–7]. In the SiC sublimation method,
it requires high substrate temperature �1400 1C during the
process to desorb Si atoms from the substrate surface such that
the remaining C atoms may undergo graphitization [2–4]. In this
case, although the SiC sublimation method can achieve high
quality graphene, the high growth temperature and high substrate
price become a major concern on its practical application. For the
CVD method, Ni and Cu are two metal templates commonly
adopted for graphene growth. With the mechanism of C atoms
dissolved and precipitated in the Ni templates, high quality
graphene films can be observed on the metal surface after high-
temperature annealing and fast cooling procedure [5]. However,
because the C atoms would only precipitate from the defect
locations on the Ni surface, un-uniform layer number of graphene
films is usually obtained by using Ni templates. Unlike the growth
mechanism of Ni templates, low solubility of the C atoms in Cu foil

results in different graphene growth mechanisms of surface
migration and self-align arranged construction on Cu foil by using
CVD [6,7]. Due to the self-limited process of C atoms, uniform
single layer graphene is usually obtained on Cu foil surface by
using CVD. However, due to the requests of methane decomposi-
tion and C atom dissolution into Ni templates, the growth
temperatures of the CVD methods based on Cu and Ni templates
are usually up to 1000 1C. The high processing temperature would
become a major drawback for the practical application of CVD-
prepared graphene films. On the other hand, graphene film
transferring from the metal templates to other substrates required
for CVD-prepared graphene would usually bring defects such as
wrinkles and small holes on the film surface. This would become
the other disadvantage of CVD-prepared graphene for practical
applications.

Since good crystalline quality and large-area films have been
demonstrated on CVD-prepared graphene on metal templates,
graphene grown on metal templates can still be very useful if
both transferring-free and low growth temperature can be
achieved. In one of our previous publications, graphene formation
on the interface between Ni templates and the dielectric substrate
is observed [8]. The underneath graphene formation mechanism is
based on the C atom dissolution and precipitation to the two Ni
template surfaces. Therefore, the growth temperature �1050 1C is
required and multilayer graphene is obtained by using this
approach. Similar experiment result is also observed by replacing
the metal with Cu [9]. Because of its low C solubility, Cu templates
show different mechanisms on underneath graphene formation.
The C atoms would migrate along the grain boundaries and reach
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the interface between metal templates and dielectric substrates.
From their result, the processing temperature is reduced to 900 1C,
which is mainly due to the request of methane decomposition.
Although the growth temperature has decreased 150 1C after
replacing the metal from Ni to Cu, the growth temperature is still
too high for applications. To decrease the growth temperature,
supplying C atoms directly for graphene growth could be the
solution. By using the molecular beam epitaxy technique (MBE),
the C atoms can be directly supplied by using heated pyrolithic
graphite (PG) filament or cracked ethylene and then reach the
substrate in atomic form [10–12]. In this case, the growth tem-
perature of the graphene films can be greatly depressed, which
could be a major improvement for graphene preparation and
applications.

In this paper, graphitic carbon films are prepared by using MBE
on metal templates with different thicknesses. With thick Cu
templates, C atoms would diffuse to the Cu/SiO2 interfaces through
the grain boundaries and form graphitic carbon films. However,
only graphitic carbon flakes are obtained near the boundaries at
low growth temperatures. By replacing the Cu templates with thin
Ni templates, complete graphitic carbon films with superior
crystalline quality is obtained. The results suggest that similar C
migration and graphitic carbon film growth mechanisms observed
on Cu foil could also be observed on Ni templates given lower
carbon solubility at low growth temperatures.

2. Experiment

The samples prepared in this paper are fabricated by using a
customer-designed MBE system linked with a thermal coater. The
first part of the experiments is focused on the investigations of Cu
templates for graphene growth. The preparation procedure is as
following: (1) a 600 nm SiO2/Si substrate is loaded to the thermal
coater connected to the MBE chamber, (2) a 300 nm Cu template is
deposited on the sample surface, (3) the sample is annealed at
750 1C for 30 min after transferring the sample into growth
chamber without exposure to the environment, (4) depositing C
atoms on the sample surface for 1 h with different substrate
temperatures and (5) removing the Cu templates by using FeNO3

solution after transferring the sample out of the MBE system.
During the C atoms deposition, two growth temperatures 400 and
700 1C are adopted. The C source is supplied by using a Riber C
filament effusion cell [10]. The other set of graphene growth is
done on Ni templates with different thicknesses. The growth
procedure is as following: (1) a 600 nm SiO2/Si substrate is loaded
to the thermal coater connected to the MBE chamber, (2) Ni
templates with different thicknesses is deposited on the sample
surface with exposure to the environment, (3) depositing C atoms
on the sample surface for 20 min at 600 1C and (4) removing the
Ni templates with HCl solution after transferring the sample out of
the MBE system. The Raman spectrums of the films are measured
by using a HORIBA Jobin Yvon HR800UV spectrum system
equipped with 532 nm laser.

3. Result and discussion

The picture of the Cu template taken under an optical micro-
scope after 750 1C annealing is shown in Fig. 1(a). As shown in the
figure, Cu crystal grains are formed on the substrate surface, which
would facilitate C atom migration and underneath graphitic
carbon growth [9]. After removing the Cu templates, the pictures
of the graphitic carbon films formed underneath the metal
templates at growth temperatures 400 and 700 1C are shown in
Fig. 1(b) and (c), respectively. As shown in Fig. 1(b), only strip-like

graphitic carbon flakes are observed on the surface for the sample
grown at 400 1C. With growth temperature raised up to 700 1C,
denser graphitic carbon flakes are obtained on the sample surface.
The results suggest that although C source decomposition is no
longer required by using the atomic C source in the MBE chamber,
higher growth temperature is still required for C atom migration
on the Cu/SiO2 interface for complete film formation [9]. There-
fore, when the substrate is grown at 400 1C, the C atoms could
only migrate through the grain boundary and accumulate along
the grain boundary without further migration away the bound-
aries. When the growth temperature is raised up to 700 1C,
enhanced C atom migration length would be obtained. In this
case, instead of accumulating near the grain boundaries, the C
atoms would migrate further on the Cu/SiO2 interface and form
denser graphitic carbon flakes.

To further investigate the crystalline quality of the graphitic
carbon films, the Raman spectrums of the two samples are shown
in Fig. 2. As shown in the figure, for the sample grown at 400 1C,
except for the D and G peaks observed at around 1350 and
1590 cm�1, dispersed G peak is also observed at around
1500 cm�1 [13]. The results indicate that both sp2 and sp3 bonding
C structures are observed on the graphitic carbon film. The result
indicates that most C atoms are accumulated near the grain

Fig. 1. The optical microscope pictures of (a) the 300 nm Cu template surface after
750 1C annealing and the graphene films formed underneath the metal templates
at growth temperatures (b) 400 and (c) 700 1C.
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boundaries instead of further migration for graphitic carbon
growth. For the sample grown at 700 1C, D, G and 2D peaks can
be clearly identified at 1325, 1590 and 2630 cm�1, respectively.
The peak intensity ratio of the D and G peaks is 2.4, which
corresponds to a nano-crystal graphitic carbon size �8 nm [14].
The results have demonstrated that with increasing growth
temperatures, as has been observed in Fig. 1(c), enhanced C
migration between metal templates/SiO2 interfaces is obtained.
Improved crystalline quality can also be obtained for the graphitic
carbon films. However, the still required high growth temperature
for C atom migration would limit the application of this approach.

The other possible solution to enhance the C atom migration
length at low growth temperatures is to reduce the metal template
thickness. With the reduced metal template thickness, the C atoms
may easily migrate to the SiO2 surface and undergo graphitic
carbon growth. Another sample with similar preparation proce-
dure is grown except for the reduced Cu film thickness 20 nm and
annealing temperature 600 1C. The optical microscope picture of
the Cu template after 600 1C annealing is shown in Fig. 3(a).
Instead of grain structures observed in Fig. 1(a), only Cu clusters
are observed on the sample surface and the film is not continuous.

The Raman spectrum of the graphitic carbon film obtained after
removing the Cu template is shown in Fig. 3(b). As shown in the
figure, very poor crystalline quality is obtained for the film. Since
the formation mechanism of graphitic carbon films underneath
the Cu templates is through the C atom migration on the inter-
faces, the incomplete Cu templates would directly bring up poor
graphitic carbon films. In this case, although graphitic carbon
formation can be observed underneath Cu templates at low
growth temperature by using MBE, complete films cannot be
obtained via this approach. To effectively lower the growth
temperature for large-area graphene growth, it is important to
select a template material with the possibility of graphene growth
directly on the smooth thin metal surfaces.

The other commonly adopted metal templates in CVD grown
graphene are Ni films. Different from the growth mechanisms of
graphene on Cu foils, C atom dissolution and then precipitation to
the surfaces with fast cooling procedure are the main mechanisms
for graphene growth above and below Ni templates [5,8]. With
reduced growth temperatures, the same growth procedure may
not happen due to the decreasing C solubility in Ni films. In this
case, it seems that Ni templates may not be a good choice for
graphene growth at low temperature. However, considering the
low C flux of the C source in the MBE chamber, thin Ni templates
may still act as efficient C atom traps and force graphene growth
on the Ni surfaces. To investigate this possibility, graphitic carbon
films grown on Ni templates with different thicknesses at 600 1C
are performed by using the MBE chamber. The Raman spectrums
of the films are shown in Fig. 4. The measurements are done after
removing the Ni templates. As shown in the figure, with increasing
Ni thickness, more significant 2D peaks located at �2630 cm�1

are observed. The results have demonstrated that (a) similar
growth mechanisms with graphene grown on Cu films can also
take place on thin Ni films at a low growth temperature 600 1C and
(b) the increasing 2D peak intensities with increasing Ni thickness
suggest improved crystalline quality of the graphitic carbon films.
Different from the case of 20 nm Cu templates, at the low growth
temperature 600 1C, complete Ni templates are observed for all the
samples with different thicknesses. However, since smoother
surfaces are obtained with thicker Ni templates, the inferior
crystalline quality of the graphitic carbon films prepared by using
Ni template thickness thinner than 10 nm suggests that C atom
migration still plays an important role by using this approach. On
the other hand, the growth of the graphitic carbon films on Ni
surfaces has confirmed that the Ni templates may undergo similar
growth mechanisms with Cu foils at low growth temperatures.

The other advantage of using thin metal templates for gra-
phene growth is the possible improved top-layer graphene attach-
ment to the SiO2/Si substrates after moving the metal templates.
The optical microscope pictures of the graphitic carbon films
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Fig. 2. The Raman spectrums of the graphene films grown at 400 and 700 1C.

1000 1500 2000 2500 3000

In
te

ns
ity

Raman shift (cm-1)
Fig. 3. (a) The optical microscope picture of the 20 nm Cu template after 600 1C
annealing and (b) the Raman spectrum of the film after removing the metal
template.
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Fig. 4. The Raman spectrums of the graphene films grown on Ni templates with
different thicknesses.
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grown on 20 and 10 nm Ni templates are shown in Fig. 5(a) and
(b), respectively. Although better crystalline quality is obtained for
the sample grown on 20 nm Ni template, the worse attachment to
the SiO2/Si substrates and the surface tension of the top-layer
graphitic carbon would force the film to shrink such that wrinkled
films would be obtained during the etching procedure. The
phenomenon is observed in Fig. 5(a). For the film grown on
10 nm Ni template, such phenomenon is not observed. In this
case, wrinkle-free and complete film is observed in Fig. 5(b).
Further investigates the completeness of the films, the scanning
electron microscope (SEM) images of the graphitic carbon films
grown on 20 and 10 Ni templates are shown in Fig. 5(c) and (d),
respectively. Similar with the results observed in Fig. 5(a) and (b),
wrinkled and broken graphitic carbon films are obtained on 20 nm
Ni templates while complete films are obtained on 10 nm Ni
templates. The results suggest that by using thin Ni templates
and the atomic carbon source in the MBE chamber, similar CVD-
grown graphene mechanisms on Cu foils can also be observed on
Ni surface. The low growth temperature and transferring-free
graphitic carbon films prepared by this method has provided an
alternate approach for graphene growth.

4. Conclusion

In conclusion, graphitic carbon films are prepared by using MBE
on metal templates with different thicknesses. By using thin Ni
templates and the atomic carbon source in the MBE chamber,
similar growth mechanisms of graphene on Cu foils by using CVD
are also observed on Ni templates. The enhanced attachment of
the graphitic carbon film to the SiO2/Si substrates makes thin Ni
templates a promising candidate for transferring-free graphene
preparation at low temperature by using MBE. The low growth

temperature and transferring-free graphitic carbon films prepared
by this method has provided an alternate approach for graphene
growth.
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a b s t r a c t

Molecular beam epitaxial growth on CdTe substrates is challenging since the CdTe film crystalline and
optical quality is limited by residual defects including threading dislocations and stacking faults. This
remains an obstacle in spite of exhausting variables including pre-growth substrate preparation as well
as epitaxial growth conditions including thermal oxide desorption, growth temperature, and II/VI flux
ratios. We propose a new technique to re-grow structures with low defect densities and high optical and
structural quality on InSb substrates. The “CdTe virtual wafer” is made by growing a thin CdTe film on an
InSb(1 0 0) substrate which is then covered with a thin As cap layer to prevent oxidation of the CdTe
surface. The As cap can be removed by thermal desorption at about 300 C leaving a clean CdTe surface
for subsequent epitaxial growth. This method eliminates the need for chemical etching of CdTe
substrates which has been found to lead to an atomically rough surface with residual Carbon and
Oxygen contamination. XRD and SEM characterization show a smooth transition from the buffer CdTe to
re-grown CdTe layer with identical crystalline quality as for virtual wafer. Steady-state PL and time-
resolved PL from CdTe/CdMgTe double heterostructures show substantial improvement in luminescence
intensity and carrier lifetime comparable to values for identical samples grown without exposure to
atmosphere. We will also report on CdTe/CdZnTe double heterostructures grown on virtual wafers
compared to identical structures on conventional CdTe(2 1 1)B substrates.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In CdTe-based solar cells, it is critical to have a low defect density
absorber material to enhance minority carrier lifetime. Modeling
studies have shown that single crystal CdTe solar cells have a
potential to achieve efficiencies over 25% [1]. In order to enhance
CdTe solar cell efficiency, it is necessary to increase the minority
carrier lifetime as well as absorber carrier density [2]. The
electrically-active absorber carrier density is directly correlated to
material defect density [3,4]. These defects are as form of disloca-
tions, twins, and anything else non-radiative, but they predomi-
nantly appear to be dislocations. In this work, we show how
to significantly reduce defect densities and demonstrate the growth

of test structures with high minority carrier lifetime in CdTe
epitaxial films.

There have been extensive attempts to grow molecular beam
epitaxial (MBE) CdTe films on CdTe substrates using different crystal
orientations over a range of substrate temperature and Cd/Te flux
ratio to improve the crystalline quality and reduce defect density.
However these efforts have resulted in limited success and cannot
reduce defect density below approximately 1�106 cm�2 using
currently available commercial CdTe substrates. Fig. 1 shows con-
focal photoluminescence (c-PL) images for a series of samples
including a 1 μm thick CdTe grown on single crystal CdTe(2 1 1)B
substrate. The Cd/Te flux ratio is one and is derived from direct
thermal decomposition of CdTe using a single effusion cell. The
substrate temperature was varied from 250 C to 300 C. Identical
samples with different Cd/Te flux ratio in a range of 1.0 to 1.4 using
an additional Cd effusion cell have also shown a similar trend with
defect density values not less than 1�106 cm�2. Table 1 shows a
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summary of defect density values for the whole matrix. These
residual defect densities limit the minority carrier lifetime and
optical characteristics of any structures grown on these CdTe wafers.

2. Experimental procedure

The growth of CdTe-on-InSb is carried out in two separate III–V
and II–VI MBE chambers which are connected by a UHV transfer
chamber. In the first step, an InSb buffer layer of about 600 nm is
grown in the III–V chamber which is then transferred in-vacuo to
the II–VI chamber to grow an epitaxial CdTe buffer layer. In the
second step, the wafer is transferred back to the III–V chamber to
deposit a thin As cap layer to protect the CdTe surface from
oxidation. The next step of epitaxial growth can be performed
either in this chamber or in an ex-vacuo II–VI MBE chamber.
Crystalline and expitaxial quality were examined by rocking curve
XRD and plan-view and cross-section SEM. Optical quality of the
samples was measured by room temperature photoluminescence
(PL) with a 660 nm excitation laser. Defect densities were mea-
sured using a laser scanning confocal photoluminescence (c-PL)
system with a 0.25 μm resolution. Time-resolved photolumines-
cence (TRPL) was used to determine carrier lifetime.

2.1. Epitaxial re-growth of CdTe on CdTe/InSb(1 0 0) virtual wafers

MBE growth of CdTe on InSb(1 0 0) has been shown to be promising
due to very small lattice mismatch between these two binary semi-
conductors [5] and easier surface preparation of InSb substrates. c-PL
and XRDmeasurements show a high crystalline quality with low defect
density in the re-grown CdTe layers on these substrates.

We consider two different methods to prepare the CdTe/InSb
substrates before re-growth of the next CdTe layer. In the first
approach, the sample is dipped in a diluted HCl mix with DI water,

followed by a sequence of DI water and Methanol rinse. The sample
was then transferred into the MBE chamber where CdTe growth
was performed after thermal desorption of the native oxide. This
growth is determined to be epitaxial as the XRD from the CdTe layer
lies over the CdTe peak from the starting CdTe/InSb(1 0 0) substrate,
as indicted in Fig. 2(b). The peak broadening however indicates a
degraded crystalline quality for the top CdTe layer. In fact, the
interface between two CdTe layers is readily observable by cross-
section SEM image shown in Fig. 2(a). We could improve the second
CdTe epitaxial layer growth to obtain comparable crystalline quality
to the starting CdTe/InSb wafer by optimizing chemical etch step
and in-situ heat treatment for oxide desorption. However this
process was not well repeatable in a series of identical growth runs.

In the second approach, we utilized the CdTe/InSb which included
a 10 nm As cap layer to protect the CdTe surface from oxidation in
atmosphere. The “CdTe virtual wafers” are prepared by growth of an
InSb buffer layer on InSb(1 0 0) substrate in a III–VMBE chamber. The
wafer is then transferred in-vacuo to the second II–VI MBE chamber
for growth of CdTe buffer layer. The wafer is finally transferred back
to the III–V MBE chamber for deposition of the As cap layer. This
virtual wafer can be exposed to atmosphere at this point and stored
in a N2 purged desiccator for subsequent epitaxial growths. A virtual
wafer is then loaded into another MBE chamber for re-growth of a II–
VI structure. Before MBE growth, the substrate is annealed at 300 C
for 15 min to thermally desorb the oxidized As cap layer. No wet
chemical treatment step is applied in this process.

Fig. 3(a and b) shows top view as well as cross-section image of
the CdTe layer grown on a virtual wafer, after As desorption. No
interface is observed between CdTe layer from the virtual wafer and
the second epitaxial layer of CdTe indicating a clean transition
between the two separately grown CdTe layers. The smooth top
surface is comparable with the surface quality of the CdTe virtual
wafer with no As cap layer. Fig. 3(c) shows the XRD from this sample.
The peak from CdTe lays directly over the one from the virtual wafer
with comparable FWHM indicating high crystalline quality of the
second epitaxial CdTe layer. The average defect density measured by
c-PL of the CdTe epitaxial layer grown on such a virtual substrate is in
the low 2�105 cm�2. One of the c-PL images is shown in Fig. 4
indicating a local defect density of less than 4�104 cm�2 as no
defect was observed in this region of sample.

2.2. Epitaxial re-growth of CdTe/CdMgTe and CdTe/CdZnTe double
heterostructures on CdTe/InSb(1 0 0) virtual wafers

Ternary II–VI group semiconductors have been studied in the
past as electronic barrier material to confine carriers in CdTe due

Fig. 1. Confocal PL images from buffer CdTe layer grown on CdTe(2 1 1)B substrates, showing correlation between defect density and substrate temperature at constant Cd/Te
ratio of one.

Table 1
Defect density as a function of optimized CdTe growth condition on CdTe(2 1 1)B
substrate. In best growth condition, defect density does not decrease below
106 cm�2.

Substrate temperature (C)

250 270 300

Cd/Te ratio 1.0 1�108 3�107 1�106

1.2 2�107 3�107 5�106

1.4 1�108 1�108 3�107
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to their larger gap, band offset [6–9]. A previous study on CdTe/
CdMgTe double heterostructures growth on InSb(1 0 0) substrates
showed strong photoluminescence (PL) intensity and a long carrier
lifetime of 86 ns [10]; the whole structure was grown in-vacuo
without exposure to atmosphere. We grew a similar structure on a
virtual wafer after in-situ As cap removal. After this step, a second
CdTe buffer layer was grown which was followed by a CdTe/
CdMgTe double heterostructure growth. A generic schematic of
such a stack is shown in Fig. 5.

Fig. 6 shows comparison between strong PL intensity from this
sample and a GaAs/AlGaAs double heterostructure reference sample.
Also as shown in Fig. 7, TRPL measurement on this sample shows that

carrier lifetime is comparable with an identical structure grown on
substrates without exposure to atmosphere. This further demonstrates
the effectiveness of the As cap to protect CdTe surface from oxidation.

Fig. 8 shows comparison of PL intensity for double heterostruc-
tures using ternary CdZnTe and CdMgTe, both grown on virtual
wafers, after in-situ removal of the As cap and re-growth of a second
CdTe buffer layer. CdTe/CdMgTe double heterostructure shows about
three orders of magnitude larger PL intensity compared to CdTe/
CdZnTe double heterostructure, with the same CdTe absorber thick-
ness of 1 μm. This can be explained based on the fact that for an equal
mole fraction of Mg and Zn in a ternary CdXTe, CdMgTe has a
relatively larger valence band offset and conduction band offset to

sample

reference
InSb

CdTe(1)

CdTe(2)

Fig. 2. (a) Cross section SEM of CdTe layer grown on a virtual wafer; an interface is observable between the two CdTe layers. The second layer of CdTe is grown after chemical
treatment of a virtual wafer followed by conventional in-situ heat treatment pre-growth. (b) XRD shows some peak broadening due to degraded crystalline quality in second
CdTe layer.

Fig. 3. (a) Plain-view SEM indicates a very smooth surface on top CdTe layer grown on a virtual wafer after As removal; (b) Cross section SEM from two epitaxial CdTe layers;
second CdTe layer is grown after thermal in-situ removal of As cap; no interface is observable. (c) XRD scan from such a structure, compared to reference virtual wafer with
identical FWHM shows an improved crystalline quality.
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CdTe. This can be compared to CdZnTe which specifically has a much
smaller valence band offset [6]. Therefore both electron and hole
carriers are better confined within the CdTe layer between the ternary
CdMgTe compared to the CdZnTe barriers. Furthermore, MgTe has a

significantly smaller lattice mismatch to CdTe (1.0%) compared to
ZnTe (5.8%). A pseudomorphic layer of ternary CdXTe on CdTe with
equal mole fraction of Zn and Mg has a larger strain in case of CdZnTe
which is more likely to form strain-induced electronic defect states at
heterojunction interfaces resulting in a larger surface recombination
velocity. Experimentally, the CdTe/CdZnTe double heterostructure is
not as effective as a CdTe/CdMgTe double heterostructure in confining
carriers within the active CdTe region and it exhibits higher surface
recombination velocity at the interfaces.

Fig. 8 also shows another PL signal from a CdTe/CdZnTe double
heterostructure which was grown side by side to CdTe/InSb(1 0 0)
virtual wafer but on a CdTe(2 1 1)B substrate. The structure grown
on virtual wafer shows a relatively higher PL compared to the one
grown on CdTe(2 1 1)B due to a lower level of defect density when
using virtual wafer as was shown in previous section.

2.3. Issue with indium diffusion

We observed In diffusion from the substrate into epitaxial CdTe
layer, as shown in Fig. 9. This is strongly correlated to the substrate
temperature during the first layer of CdTe growth to form the
virtual wafer. In diffusion from InSb substrate into CdTe has been
reported before [11,12]. Diffusion of In is slower than what is
predicted by Fick’s law of diffusion [11]. This can be due to the fact
that Fick’s law assumes diffusion to take place in a static condition,
while our experimental data is based on a dynamic epitaxial growth
of CdTe [11]. In spite of this, diffusion extends into the CdTe top
layer during the re-growth process. The spike in In concentration
denotes the interface between the two CdTe layers. The In diffusion
issue can be suppressed in both CdTe layers to some extent by

Fig. 4. Confocal-PL micrograph of CdTe grown on CdTe/InSb(1 0 0) substrate. No
defects were observed in this region indicating a local defect density less than
4�104 cm�2. Average defects density over the sample was 2�105 cm�2.

CdTe cap –10 nm

CdXTe – ~30 nm

CdTe –1 um

CdXTe – ~30 nm

CdTe buffer

CdTe or InSb substrate

Fig. 5. Schematic stack of a CdTe/ternary CdXTe double heterostructure. X stands
for Mg or Zn in this study.
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Fig. 6. Photoluminescence intensity comparison between a CdTe/MgCdTe double
heterostructure grown on As capped CdTe/InSb virtual wafer, after As removal
(A1631) and a GaAs/AlGaAs double heterostructure reference sample (B1966).
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Fig. 7. Time-resolved photoluminescence measurement of a CdTe/MgCdTe double
heterostructure grown on As capped CdTe/InSb virtual wafer, after As removal. The
lifetime is 77 ns which is comparable to identical samples grown on CdTe/InSb
substrates without exposure to atmosphere.

Fig. 8. Comparison of PL intensity for double heterostructures using ternary
CdZnTe and CdMgTe.
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reducing the substrate temperature during growth. Further inves-
tigation is needed to fully control the In diffusion, as this can be a
serious issue leading to residual In doping in epitaxial grown layers.

3. Conclusion

A new technique has been demonstrated to form CdTe virtual
wafers for subsequent growth of CdTe in other MBE systems. The
structure consists of a first InSb buffer layer grown on an InSb
(1 0 0) substrate followed by the growth of a CdTe buffer layer and
a final As cap layer to prevent the CdTe surface from oxidation.
After thermal desorption of the As cap layer, the CdTe virtual wafer

can be used to grow high quality CdTe heteroepitaxial films
without the need for any chemical treatment of the wafer.
Significant increase in PL intensity and carrier lifetime have been
demonstrated in CdTe/CdMgTe double heterostructures grown on
these CdTe virtual wafers. The characteristics of such samples are
comparable to identical structures where the whole structure is
grown in-vacuo, without exposure to atmosphere.

In diffusion from InSb substrate into the epitaxial layers is
shown to be a dynamic process during the growth. This can result
in unintentional In n-type doping that is an issue for growth of
epitaxial films that require precise doping control. This In diffusion
can be suppressed to some degree by reducing the substrate
temperature during growth.
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a b s t r a c t

Self-assembled type-II ZnTe quantum dots (QDs) were grown on GaAs (0 0 1) substrates with
Zn1�xMgxSe (x¼0.24 and 0.52) buffer layers by molecular beam epitaxy. The optical properties of ZnTe
QDs were investigated by low-temperature photoluminescence (PL) and time-resolved PL. An abrupt
variation of the PL peak energy with coverage implies the existence of wetting layer of 3.2 MLs and
4.0 MLs for the Mg concentration x¼0.24 and 0.52, respectively. The thickness of wetting layer is larger
than that of ZnTe QDs grown on ZnSe buffer layers because the strain between ZnTe and Zn1�xMgxSe is
smaller. The non-mono-exponential decay profiles reflect the processes of carrier transfer and recapture.
The Kohlrausch's stretching exponential well fits the decay profiles of ZnTe/Zn1�xMgxSe QDs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Compared with quantum dots (QDs) of type-I band alignment,
type-II QDs exhibit unique physical properties. The interesting
physical property of optical Aharonov–Bohm effect was observed
in type-II ZnTe/ZnSe QDs [1,2]. Type II InAs/GaAs/GaAs0.82As0.18
QDs of long lifetime could be used for the application of high
efficiency absorber in solar cell [3]. The formation of robust
magnetic polaron was investigated in the ZnMnTe/ZnSe QDs [4].
However, the self-assembled QDs inevitably encounter the pro-
blem of size non-uniformity for the potential device application.
The thickness of the wetting layer of the ZnMnTe/ZnSe QDs grown
by the Stranski–Krastanov growth mode is fixed at 2.4 monolayers
(MLs). In order to control the wetting layer thickness, dot size, dot
density and the dot size uniformity, ZnTe QD structures were
grown on Zn1�xMgxSe by molecular beam epitaxy (MBE). When
parts of Zn atoms of ZnSe were replaced by Mg atoms to crystallize
as Zn1�xMgxSe, the lattice constant increases because of Mg
having larger ionic radius than that of Zn atom. Therefore, the
manipulation of Mg concentration (x) offers an extra degree of
freedom to control the lattice mismatch between ZnTe and

Zn1�xMgxSe and to adjust the wetting layer thickness, dot size
and dot density.

2. Experimental methods

The samples studied in this paper were grown on GaAs (1 0 0)
substrates by MBE system. Prior to the growth procedure, GaAs
(1 0 0) substrates were etched in the NH4OH:H2O2:H2O (5:1:50)
solution for two minutes at room temperature, rinsed in flowing de-
ionized water about two minutes and dried with high purity N2. De-
sorption and growth procedures were monitored by the reflection
high energy electron diffraction (RHEED). The growth processes of
ZnTe QDs started with the deposition of Zn1�xMgxSe buffer layer,
and the alternating supply method of ZnTe growth. The coverage of
the single ZnTe QDs layer, grown on the flat Zn1�xMgxSe buffer
layer, was varied from 2.4 to 4.4 MLs for Zn1�xMgxSe buffer layer of
x¼24% and 3.0 to 6.0 MLs for x¼52%. Finally, Zn1�xMgxSe capping
layer was grown on the QDs for optical measurements. Samples
were also grown without Zn1�xMgxSe capping layer for the mor-
phology study using atomic force microscopy (AFM). The growth
conditions of the ZnTe QDs on Zn1�xMgxSe were listed in Table 1.
The ZnTe/Zn1�xMgxSe QDs with Mg concentration 24% and 52% are
noted as series A and series B, respectively. The cell temperatures of
Zn, Te and Se were set to 270 1C, 330 1C and 180 1C, respectively. The
cell temperatures of Mg were 325 1C (x¼24%) and 360 1C (x¼52%).
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The substrate surface temperature was maintained at 320 1C
throughout the growth of the QDs. The Mg concentration was
determined by energy dispersive X-ray diffraction using a
Zn1�xMgxSe epilayer grown under the same conditions as the QDs
structures.

The excitation source for conventional PL spectroscopy was a
325 nm-line of an He–Cd laser and the emissions were analyzed
using a Horiba-Jobin Yvon iHR550 (1800 grooves/mm grating)
spectrometer with a liquid nitrogen cooled CCD detector. For the
excitation of time-resolved PL, the GaN 377 nm pulsed laser diode
was used. The peak power of the pulse was estimated to be below
0.1 mW. The time-resolved PL spectra were analyzed using a high-
speed photomultiplier tube. The overall time resolution of the
detection system was about 300 ps.

3. Results and discussion

Fig. 1 shows the RHEED pattens (left) and AFM images (right)
taken for the ZnTe QDs grown on ZnSe when the ZnTe coverages
are 0, 1.8, 2.5, and 2.8 MLs. A clear transformation of the RHEED
pattern from streaky to spotty, indicative of the onset of Stranski–
Krastanow (SK) growth mode, could be observed when the cover-
age is above the critical thickness. The results from the RHEED
patterns are further supported by the AFM images, clear QD
formation starts when the effective thickness (coverage) of ZnTe
is above 2.5 MLs. For the case of ZnTe QDs grown on Zn1�xMgxSe,
the RHEED patterns and AFM images are similar except that the
critical thickness increases with increasing Mg concentration x.

Similar result was also observed for the CdTe QDs grown on
Zn1�xMgxTe by F. Tinjod et al. [5].

Fig. 2 shows the low-temperature PL spectra of series A, ZnTe
QDs on Zn0.76Mg0.24Se with different values of ZnTe coverage
thickness from 2.4 to 4.4 monolayers. The PL band between the
spectral ranges of 2.9–3.1 eV is the near band edge emission (NBE)
of Zn1�xMgxSe layers. The low-energy emission band (2.0–2.5 eV)

Table 1
Coverage of the ZnTe QDs in different Zn1�xMgxSe matrices.

Zn1�xMgxSe/ZnTe/Zn1�xMgxSe

x¼0.24 Coverage x¼0.52 Coverage

A1 2.4 MLs B1 3.0 MLs
A2 2.8 MLs B2 3.5 MLs
A3 3.2 MLs B3 4.0 MLs
A4 3.6 MLs B4 4.5 MLs
A5 4.0 MLs B5 5.0 MLs
A6 4.4 MLs B6 6.0 MLs

Fig. 1. RHEED pattens (left) and AFM images (right) taken when the ZnTe coverages are 0, 1.8, 2.5, and 2.8 MLs.
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Fig. 2. PL spectra of ZnTe QDs on Zn0.76Mg0.24Se with different ZnTe coverages.
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Fig. 3. PL emission peak energy of QD as a function of ZnTe coverage. Solid squares
for ZnTe QDs self-assembled on Zn0.76Mg0.24Se; open circles for ZnTe QDs self-
assembled on Zn0.46Mg0.52Se.
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is due to the radiative recombination from QDs, because the
corresponding PL peak energy is more sensitive to the change
of coverage, as compared with the high-energy emission band
noted as H in Fig. 2. The H emission remains constant after the
dot-formation, but slightly redshifts when QDs start to form.
This phenomenon is similar to the case of the two-dimensional
platelet observed in the ZnMnTe QDs self-assembled on ZnSe by
our previous study [6] and in CdTe QDs on ZnTe by Mackowski

et al. [7]. The red-shift in QDs emission is attributed to the
decrease in the quantum confinement of holes in ZnTe.

There exists a critical coverage at 3.2 MLs, judging from the two
different red-shift slopes for the QD emission energy versus the
ZnTe coverage for ZnTe QDs self-assembled on Zn0.76Mg0.24Se, as
shown by the solid squares in Fig. 3. The emission energy initially
red-shifts with the coverage abruptly and followed by a gentle
red-shift. This is a signature of the change from the two dimen-
sional (2-D) layer growth to 0-D QD formation for type II ZnTe QDs
self-assembled on ZnMgSe in current study and also ZnMnTe QDs
self-assembled on ZnSe in our previous report [6]. On the other
hand, for type I CdSe QDs self-assembled on ZnSe, because both
electron and hole are confined in CdSe QD, the emission energy
initially red-shifts slowly and then becomes more pronounced
when the coverage is above 2.5 MLs [8]. The variation of emission
energy with ZnTe coverage for ZnTe QDs self-assembled on high
Mg concentration Zn0.48Mg0.52Se is shown by the open circles in
Fig. 3. The critical coverage for the change of red-shift slope is
about 4.0 MLs, which is slightly larger than that of ZnTe QDs self-
assembled on Zn0.76Mg0.24Se. It is due to the smaller lattice
mismatch between ZnTe and Zn0.48Mg0.52Se than that between
ZnTe and Zn0.76Mg0.24Se. This result illustrates that the thickness of
the 2D wetting layer between ZnTe and Zn1�xMgxSe can be
manipulated by the control of Mg concentration x.
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Fig. 4. FWHM change in the QDs by different coverages of ZnTe.

Fig. 5. AFM images of ZnTe QDs on Zn0.76Mg0.24Se.

Fig. 6. PL spectra at various excitation powers: (a) for the sample A4 and (b) for the sample B4.
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In Fig. 4, the full width at half maximum (FWHM) from the PL
spectra of the ZnTe QDs on Zn0.76Mg0.24Se and ZnTe QDs on
Zn0.48Mg0.52Se versus the ZnTe coverage are shown by the solid
squares and open circles, respectively. This figure shows that all
the values of FWHM in series B are smaller than that of series A. It
implies that the dots size distribution in series B is more uniform
than in series A. The result is similar to GeSi/Si QDs [9], which
shows that the uniformity of dots improves with the decreasing
mismatch between the buffer layer and QDs.

In order to study the morphology, size distribution, and dot
density, the AFM images of 3.2 MLs, 3.6 MLs, and 4.0 MLs QDs on
Zn0.76Mg0.24Se are shown in Fig.5. The average height (H) and
diameter (D) are 6 nm, 7 nm, 8 nm and 50 nm, 57 nm, 80 nm for
the 3.2 MLs, 3.6 MLs, and 4.0 MLs samples, respectively. It confirms
that dots self-assemble when the coverage of ZnTe over 3.2 MLs
and also corroborates with the result obtained from two different
red-shift slopes in Fig. 3. Both the size and density of QDs increases
with increasing coverage of ZnTe. The densities of QDs in the
samples are about the order of 108/cm2. In addition the non-
uniformity, variation in height, increases with the ZnTe coverage.
This also reflects the increasing FWHM of PL with ZnTe coverage
from Fig. 4. Because, the PL emission energy is dominantly
determined by the quantum confinement in height, which is much
smaller than the diameter, the non-uniformity in height results
the broadening in PL spectra.

In order to confirm the type-II emission nature of the ZnTe QDs
on Zn1�xMgxSe, the PL spectra under various excitation powers are
shown in Fig. 6(a) and (b) for the samples A4 and B5, respectively.
The PL bands blue-shift as excitation power increases. The emis-
sion peak energy linearly depends on the cubic root of the
excitation power, as shown in the insets of Fig. 6. This phenom-
enon is caused by the band-bending effect at the hetero-interfaces
[10] and is a fingerprint of the type II quantum structures. As the
excitation density was increased, an increase in population of
spatially confined electron–hole pairs enhanced the band-bending
effect at the hetero-interfaces. In Fig. 6, there is no obvious PL band
broadening with the increasing excitation power. It implies that
the blue-shift of PL emission peak due to band filling effect can be
excluded.

The transitions in type-II quantum structures show longer
radiative lifetime than those of type-I quantum structures because
of smaller overlap of electron–hole wave-functions [11]. The time-
resolved PL (TRPL) measurements were carried out to study the
carrier recombination dynamics in the type-II ZnTe/Zn1�xMgxSe QDs.
The temporal dependence of decay characteristics, detected at their
PL peak energies, for ZnTe/Zn0.76Mg0.24Se QDs of different ZnTe
coverages is shown in Fig. 7. The decay profiles revealed non-
single-exponential decays and could be better fitted by two compo-
nents. The fast component was a mono-exponential decay, while the

slow component was a stretched-exponential decay. The decay
curves were fitted using the following equation:

IPL tð Þ ¼ I1expð�t=τ1Þþ I2expð� t=τ2
� �β Þ; ð1Þ

where IPL(t) is the PL intensity at time t, I1 and I2 are the relative
intensity for fast component and slow component. τ1 and τ2 are
lifetimes of the two different recombination mechanisms. β is the
stretching parameter ð0oβr1Þ. The best fit yields that the decay
time τ1 is about 2–3 ns for all samples and the decay time τ2
increases with the ZnTe coverage from 10 to 15 ns. τ1 describes the
transient dynamics for carriers relaxing to QDs after the excitation.
The longer time τ2 is due to the recombination of spatially separated
electron and hole after the electrons and holes are in equilibrium.

Fig. 8 shows the coverage dependences of decay times (τ1, τ2)
and β values. The value of β always decreases and τ2 increases with
increasing thickness of ZnTe. The increase in ZnTe coverage results
in the enlarged size of QDs. The larger dot size further separates
the electron and hole and reduces the wave-function overlapping,
which increases recombination decay time. In addition, the
increase in ZnTe coverage also increases QD density. The more
QDs of different sizes offer more recombination channels. For the
shallow (smaller) QDs, holes could be thermally activated and
transfer to the neighboring lager QDs of lower energy. As a result,
the decay profiles could not be simulated by the simple single
exponential β¼1. The increasing ZnTe coverage and dot density
caused the decreasing of stretching exponent β [12]. We also
monitored the decay profiles at the emission energy of the 2-D
wetting layers. The TRPL-results show that the decay time of the
wetting layer is shorter than the decay time of the QDs.

4. Conclusion

Self-assembled type-II ZnTe QDs were grown on GaAs (0 0 1)
substrates with Zn1�xMgxSe (x¼0.24 and 0.52) buffer layers by
molecular beam epitaxy. Current study achieves the control of the
critical thickness of Stranski–Kastonov ZnTe/Zn1�xMgxSe QDs from
3.2 to 4.0 MLs by manipulate the Mg concentration from x¼0.24 to
0.52. The PL decay profiles were well correlated by the Kohl-
rausch's stretched exponential to demonstrate the hole activation
from smaller QDs followed by the transfer and re-capture to
larger QDs.
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a b s t r a c t

ZnTe epilayers were grown on transparent a-plane (11–20) sapphire substrates by molecular beam
epitaxy (MBE). The insertion of a low-temperature nucleated buffer layer was carried out, and the
influence of the buffer layer annealing prior to the film growth on crystallographic properties of the
epilayer was investigated. Pole figure imaging and wide-range reciprocal space mapping (RSM)
measurements were used to study the domain distribution within the layer, and epitaxial relationships
between the ZnTe thin films and the sapphire substrates. The orientation of ZnTe domains formed on
a-plane sapphire substrates was controlled by the annealing condition of the buffer layer. Two different
{111} domains were formed from the sample the buffer layer was annealed at 350 1C, while (100) layers
were obtained from the sample the buffer layer was annealed at 300 1C. These crystallographic features
were probably originated from the atom arrangements of ZnTe and sapphire at the interface.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Zinc-based II–VI compound semiconductors (e.g., ZnS, ZnSe and
ZnTe) can be applied to optoelectronic devices such as light emitting
diodes [1–3], UV sensors [4–6], waveguides [7–10], photovoltaic solar
cells [11,12], and terahertz device applications [13,14]. ZnTe is one of
the II–VI semiconductors that present good electrooptic (EO) proper-
ties with a direct optical band gap of 2.2–2.3 eV at room temperature,
and high transparency in the visible spectral domain. To obtain a high
EO effect from ZnTe, thin films with either (110) or (111) orientation
are preferred [15,16]. Sapphire is an advantageous substrate for EO
device structures using ZnTe thin films because it is a transparent
material and simplifies the alignment of the optical path in the
resulting device applications. Therefore, sapphire is a feasible sub-
strate material choice for this device application.

In our previous study, ZnTe layers have been grown on various
sapphire substrate surfaces by molecular beam epitaxy (MBE), and
it was found that the arrangement of atoms on the sapphire's
surface has affected the crystallographic orientation [17–22]. It
was revealed that the (111)-oriented ZnTe layer was grown on the
c-plane of sapphire substrates [18], and the (211)-oriented ZnTe
layer was grown on the m-plane sapphire [19–22]. Improvement

of the ZnTe epilayer quality grown on the sapphire substrate by
the insertion of thin buffer layers between the substrate and the
epilayer was also reported in previous works [18–19,22]. ZnTe
epilayers with reduced numbers of domains could be grown on
c-plane sapphire substrates by tuning the buffer layer growth
conditions (e.g., the layer thickness, the annealing time, and the
annealing temperature) [18]. These studies were carried out by
using an X-ray diffraction (XRD) pole figure imaging analysis,
which was revealed to be a powerful method for ZnTe epilayers
on sapphire substrates [17–22].

In this study, we focus on the growth of the ZnTe epilayer on the a-
plane (11–20) sapphire substrate. Based on the previously obtained
data, the a-plane of sapphire will cause the formation of the (110)
oriented ZnTe layer since the c-plane in the sapphire substrate would
be parallel to (111) plane of ZnTe and the m-plane in the sapphire
substrate would be parallel to (211) plane of ZnTe. A single-domain
ZnTe layer was sought on the a-plane sapphire substrate by tuning the
buffer layer growth conditions (annealing condition of the buffer
layer). Epitaxial relationships between the ZnTe epilayers and the
a-plane sapphire substrates were studied via XRD pole figure mea-
surements. In addition to the pole figure analysis, an XRD reciprocal
space mapping (RSM) was employed to characterize the orientation
relationship of the heterostructure. The RSM was used to evaluate the
degree of the lattice mismatch strain relaxation in the MBE grown
samples. The crystal quality, especially at the heterointerface region,
was observed by the cross sectional TEM (JEOL JEM-2100F).
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2. Experiments

ZnTe thin films were grown on a-plane sapphire substrates
(Kyocera) in an MBE system (V80H; VG). Elemental Zn (6N super;
Osaka Asahi Metal) and Te (6N super; Osaka Asahi Metal) were
used as source materials. Sapphire substrate surface was cleaned
using organic solvents at room temperature and was then intro-
duced to the growth chamber. A 3.5 nm thick ZnTe layer buffer
was deposited at 100 1C, and the annealing was performed for
5 min with varying the temperature between 300–350 1C. The
substrate temperature during ZnTe growth was maintained at
340 1C. The growth rate and the film thickness were kept constant
at 0.5 μm/h and 1 μm respectively.

The XRD pole figures were collected using a Rigaku Smart-Lab
system [23]. In this instrument, the X-ray beam is focused on a
sample located at the center of an Eulerian cradle, which provides
four degrees of positioning freedom (2θ,ω, χ, and ϕ). In this study,
pole figure measurement was performed wherein the diffraction
angle 2θ is maintained at the diffraction of 111 ZnTe and 11–20
sapphire to analyze the relationship between the epilayer and the
substrate, and the diffraction intensity was collected while two
geometrical parameters are varied, such as the tilt angle (χ) from
the sample surface normal and the rotation angle (ϕ) about the
sample surface normal direction. The in-plane configuration was
also used for this study. The origin of the pole figure image was
aligned to the a-plane sapphire substrate orientation, and the

Fig. 1. (a) Pole figure of 11–20 sapphire reflection for a ZnTe/a-plane sapphire substrate sample, and (b) defined directions corresponding to the pole figure.

Fig. 2. (a) Pole figure of 111 ZnTe diffraction for the ZnTe/a-plane sapphire substrate sample, and (b) a schematic image of the two different {111} ZnTe domains formed on
the a-plane sapphire lattice.

Fig. 3. (a) Pole figure of 111 ZnTe diffraction for another ZnTe thin film grown on the a-plane sapphire substrate, and (b) a schematic image of the (100) domain formed on
the a-plane sapphire lattice.
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common ϕ was obtained by measuring both ZnTe and sapphire
diffraction signals without unmounting the sample. By comparing
diffraction signal positions from the substrate with those from the
epilayer, the crystallographic relationships were analyzed using
the same (χ, ϕ).

The X-ray RSM was also conducted for the characterization of
orientational relationships between the ZnTe epilayer and the
a-plane sapphire substrate. The conventional RSM measurement
uses ω-shift and 2θ/ω scan, and limited in a certain angular range.
In this paper, the X-ray RSMs of wide angular ranges was
performed employing a 2D detector (PILATUS; RIGAKU) instead
of a 0-dimensional scintillation detector. The wide-range RSM data
was obtained by χ steps and 2θ/ω scans. The 2D data could be
shown either in the goniometer coordinates (the two coordinate
axes χ angle and 2θ angles) or in the reciprocal space coordinates.
Two axes of wide-range RSMs are employed in a scale of the
reciprocal unit, those are the direction along the substrate surface
plane and the direction normal to the substrate surface plane [23].

3. Results and discussion

A pole figure based on the diffraction peaks of 11–20 sapphire
is shown in Fig. 1(a), and two peaks are observed at (χ, ϕ)¼(601,
01) and (601, 1801). Based on these peak positions, the (χ, ϕ) of the
ZnTe/a-plane sapphire substrates were defined (as shown in Fig. 1
(b)). It revealed that the sapphire's c-plane directions were located
at ϕ¼901 and 2701. When the ZnTe layer was grown on a buffer
layer that was annealed at 350 1C (Fig. 2(a)), a six-fold rotational
symmetry pattern with diffraction peaks at (χ, ϕ)¼(01, 01), (701,
301), (701, 901), (701, 1501), (701, 2101), (701, 2701), and (701, 3301),
was observed from a pole figure generated using 111 diffraction
peaks of ZnTe. The sharpness of the signal originated from ZnTe
suggested the high degree of crystallographic quality. The pattern
was analyzed and two kinds of ZnTe {111} domains were formed
on the a-plane sapphire; two different domains were rotated by
601 relative to each other [17]. The signal intensities from these
two domains were approximately equal. It was therefore con-
cluded that two kinds of {111}-oriented ZnTe domain with a
similar ratio were formed on the a-plane sapphire. Because the
diffraction peaks of {111} ZnTe were located on the line of the
sapphire c-axis (ϕ¼01 and 1801), the {111} ZnTe domains on a-
plane sapphire were aligned in the direction associated with the
sapphire c-axis (Fig.2 (b)).

In contrast to this result, a four-fold rotationally symmetrical
pattern peaking at χ¼551 was obtained (Fig. 3(a)) for a pole figure
of 111 ZnTe from the epilayer grown on a buffer layer that was
annealed at 300 1C. The RHEED pattern observed after this
annealing process was a dim harrow pattern indicating that the
buffer layer was not crystalized. This result suggested that layer
obtained was governed by a (100)-oriented domain. There was
also an additional peak at the origin, suggesting that a small
mixture ratio of the {111}-oriented domain was included in the
epilayer.

Wide-range RSM images are compared in Fig. 4 for ZnTe layers
grown on buffer layers with various annealing temperatures.
Diffraction spots were analyzed and associated with (111) and
(�1�1�1) were clearly observed for a sample that the buffer
layer was annealed at 350 1C while (111), (�1�1�1), and (100)
associated peaks were observed for a sample that the buffer layer
was observed at 300 1C. These observations were the same as the
data observed from the pole figure imaging. Different from the
pole figure analysis, (511) associated peaks were observed from
the sample that the buffer layer was annealed at 350 1C. Hence this
sample included a small percentage of mis-oriented domains.
Wide-range RSM images are probably advantageous to distinguish

domains which may have similar indexes (for example (511) and
(333) could not be easily resolved by other methods).

A high-resolution lattice image of the a-plane sapphire/ZnTe
interface region with the buffer layer annealed at 350 1C is shown
in Fig. 5. While defects associated with lattice mismatch accom-
modation can be seen in the large area image, the ZnTe film shows
lattice fringes trending in the same direction. This indicates the
high quality of the ZnTe/sapphire interface.

The atom arrangements of a-plane sapphire, (111) ZnTe, and
(100) ZnTe are summarized in Fig. 6(a)–(c). In an epitaxial growth
system with large lattice misfits, the lattice mismatch is estimated
based on the domains, and not on the unit cells [24]. The lattice
mismatch between three unit cells of a-plane sapphire (rectan-
gular shape as shown in Fig. 6(a)) and five unit cells of (111) ZnTe
(rectangular shape as shown in Fig. 6(b)) is approximately 4.4%

Fig. 4. The wide-range reciprocal space mappings of samples. (a) The buffer layer
was annealed at 350 1C, and (b) the buffer layer was annealed at 300 1C. The
horizontal axis corresponds to the direction of 〈0001〉 axis of the sapphire substrate,
and the vertical axis corresponds to the direction of [11–20] axis of the sapphire
substrate. Indexes of diffraction spots are the origin of the domain.

Fig. 5. High-resolution TEM image of the ZnTe/sapphire interface region.
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as shown in Fig. 6(d)), and between one unit cells of a-plane
sapphire and three unit cells (100) ZnTe is approximately 0.64%
(as shown in Fig. 6(e)). When ZnTe layers were grown on c-plane
and m-plane sapphire substrates, (111) ZnTe and (0001) sapphire
exhibited a certain relationship at the interface. That particular
relationship was not observed so far for the ZnTe layer on the
a-plane sapphire substrate. Since the diffraction peaks of (111) and
(100) ZnTe domains on a-plane sapphire substrates are related to
the c-axis direction of sapphire, there must be a crystallographic
relationship between ZnTe and a-plane sapphire. The difference in
the annealing temperature has resulted in the difference in the
crystallization of the buffer layer, and the orientation of the
epilayer. The detailed analysis is currently ongoing, and the surface
atomic structure including kinks and terraces is probably another
crucial factor for governing the orientation of the domain.

4. Conclusion

ZnTe epilayers were grown on a-plane (11–20) sapphire sub-
strates by MBE. The insertion of a low-temperature buffer layer
was carried out, and the influence of the buffer layer annealing
prior to the growth of the epilayer on the crystallographic proper-
ties of the structure was investigated. The crystal orientation of
ZnTe thin films prepared by MBE were studied via XRD pole figure
and wide-range RSM measurements. Two different {111} domains
were formed from the sample that the buffer layer was annealed
at 350 1C, while (100) domains were preferentially formed for the
sample that the buffer layer was annealed at 300 1C. These
crystallographic features were also related to the atom arrange-
ments of ZnTe and sapphire
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a b s t r a c t

Topological insulator materials like HgTe exhibit unique electronic properties at their interfaces and so
peculiar attention has to be paid concerning the growth optimization. Molecular beam epitaxy of tensile-
strained HgTe/CdTe is investigated as a function of the growth temperature. Crystal quality is checked by
using high resolution X-rays diffraction. By combining several material characterization techniques such
as scanning transmission electronic microscopy, time-of-flight secondary ion mass spectroscopy and
X-rays reflectivity, we report sharp interface morphology with nanometer-scale Hg/Cd diffusion lengths.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

First predicted by Kane and Mele [1] as a new class of matter,
topological insulators are of main interest in condensed matter
researches thanks to their unique electronic and spin properties
that arise on theirs interfaces. It gather the graphene-like trans-
port properties with Dirac fermions and the topological protection
that prevent backscattering phenomena. These interfaces exhibit
spin-momentum locking which polarizes the spin perpendicular
to the momentum. Control of the spin and coherent spin transport
are then easily achievable in topological insulators [2,3] making
them very attractive for spintronic applications [4–6].

In this paper we will focus on topological insulator structures
made of HgTe/CdTe. Bernevig, Hughes and Zhang [7] have made
the prediction that CdTe/HgTe/CdTe quantumwells would be good
candidate for 2D topological insulators. One year later, Fu and Kane
[8] have extended this prediction to three dimension in the case
where the semi-metal HgTe would have a bulk gap opening
turning it into an insulator. This bulk gap can be obtained by
growing tensile strained HgTe on a larger lattice constant substrate
like CdTe. With a lattice mismatch of 0.3%, the growth of HgTe on
CdTe(0 0 1) opens a bulk gap of about 25 meV.

The topological insulator HgTe exhibits its electronic and
topological properties on its surfaces and interfaces. MBE growth
optimization and interfaces characterization are so of main

importance and are the subject of this paper. Time-of-flight
secondary ion mass spectroscopy (TOF-SIMS), scanning transmis-
sion electronic microscopy (STEM) and X-rays reflectivity (XRR)
measurements are used and their results compared to determine
diffusion length at the interface between HgTe and CdTe.

2. MBE growth of HgTe/CdTe structures

Molecular beam epitaxy of HgTe/CdTe layers is achieved in a
Riber 32 chamber [9]. HgTe layers are grown on either (1 0 0) CdTe
or (2 1 1)B CdTe substrates. Growth rate of 1 monolayer/s and a
Hg/Te ratio in excess of 1000/1 were used.

After thermal desorption of the substrate surface oxide, growth
process starts with the deposition of a 200 nm-thick CdTe buffer
layer with excess cadmium. The aim is to compensate the
substrate remaining surface defects and so to perform the growth
on a more flat surface. The substrate is then cooled down to the
growth temperature for strained HgTe layer [9].

At the end of the growth process, a cooling down under Hg flux
is performed allowing to improve roughness values lower than
one nanometer [9]. This in-situ surface treatment prevents deso-
rption of Hg from the HgTe surface and ensures flatness of the top
HgTe interface. In these conditions, higher growth temperatures
can be reached. HgTe layers have been successfully grown at
temperatures up to 185 1C with equivalent crystal quality as shown
in high resolution X-rays diffraction (HRXRD) spectra of Fig. 1
where CdTe and HgTe peaks are well-defined and surrounded by
Pendellösung fringes.
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However as reported by Oehling et al. [10], the HgTe growth
experiences a transition from 2D growth mode to a step flow
growth mode for surface temperatures larger than 175 1C. In the
140–175 1C range of available growth temperatures, the growth
optimization must take into account bulk defects issues that
appear for low growth temperature (140 1C) and interdiffusion
issues that might appear for higher growth temperatures. Study of
interdiffusion as a function of growth temperature is therefore
needed to fully describe the interfaces.

2.1. HgTe/CdTe interface characterizations

Numerous studies concerning HgTe–CdTe superlattices inter-
diffusion have been carried out for infrared applications. As far as
we know, interdiffusion characteristics were only determined after
few hours of annealing at temperatures ranging from 110 1C [11] to
more than 450 1C [12] under Hg saturated vapour pressure. One of
these studies led by Tardot et al. [13] demonstrated diffusion
coefficients of 2�10�16 cm²/s for Cd in HgTe in the case of
superlattices annealed at 200 1C. Indeed the diffusion process
between these two materials is characterized by the important
diffusion of Cd into HgTe layer creating a HgCdTe intermixing layer
at the interface. By extrapolation they also managed to estimate a
diffusion length of 4 nm for a growth performed at 180 1C.

In this paper, we study the interdiffusion between HgTe and
CdTe layers grown by MBE without any annealing step. We focus
on the HgTe/CdTe interface characterizations for a sample of HgTe
(83 nm)/CdTe (2 1 1)B grown at 185 1C to check values of inter-
diffusion for higher growth temperatures that usual ones. Three
characterizations techniques are used: STEM, SIMS and XRR.

(a) Cross-sectional STEM measurements are performed on a FEI
Osiris microscope at 80 kV with sample preparation done using
a gallium-ion thinning in a focused-ion-beam microscope.
Fig. 2 shows bright-field mode (BF) image of HgTe/CdTe layer with
well-defined and sharp interface. The sharpness of the interface is
highlighted in Fig. 2(b) with TEM image. The HgTe layer exhibits
low defect density but some local dislocation loops as it can be
seen in the BF image (Fig. 2(a)). The enhanced top surface rough-
ness is due to the change of growth mode from 2D to step flow as
mentioned by Oehling et al. [10] for this growth temperature.

(b) To quantify the diffusion length at the interface, TOF-SIMS
measurements are performed using Csþ ions at the energy of
500 eV. As shown in Fig. 3, chemical profiles with Hg and Cd

concentrations are obtained after normalization to the Te signal
which is considered to be unity in the whole structure.
Chemical profiles are compared with second Fick’s law of diffusion
[14] applied for thin films where the diffusion coefficient D and
the surface concentration of Hg C0 are assumed to be constant.
The concentration C of Hg through the structure evolves as:

C x; tð Þ ¼ C0exp
�x2

4Dt

� �
ð1Þ

With respect to Eq. (1), diffusion length xdiff¼2
ffiffiffiffiffiffi
Dt

p
can be

estimated as the length after which C0 is divided by exp(1). On
Fig. 3(b), a diffusion length of 6.1 nm is estimated. However, this
result should be analyzed taking into account the TOF-SIMS depth
resolution which is not known precisely for these materials but
can be estimated to be within the range of at least 2 nm/decade
for these experimental conditions. Therefore, the diffusion length
can be considered between 2 and 4 nm for this structure.

(c) Due to the resolution issue of TOF-SIMS, X-rays Reflectivity is used
to obtain a more accurate estimation of the interdiffusion between
HgTe and CdTe layers. Measurements are done on a PANalytical
Empyrean X-Rays diffractometer (using the cobalt Kα1 wave-
length (1.789 Å). Fig. 4 illustrates the reflectivity curve of HgTe
(83 nm)/CdTe which was grown at 185 1C, as a function of grazing
angle. Experimental data are fitted using the X’pert Reflectivity
software [15–17] associated with a simple model composed of
three layers: the HgTe thin film layer, a HgCdTe intermixing layer
and the CdTe buffer layer. Best fitting parameters are obtained for
a HgTe layer of 79.7 nm and roughness of 1.6 nm. This latter value
is in perfect agreement with atomic force microscopy (AFM)
measurement where top surface root mean square (RMS) rough-
ness was determined to a value of 1.7 nm. Concerning the
intermixing layer, the best fit is obtained for 3 nm of Hg0.5Cd0.5Te
with a roughness of 0.8 nm. Thanks to these fitting parameters,
the diffusion length can be estimated to 3.470.4 nm for this
structure.

2.2. Discussion

With the combination of these three characterization techni-
ques, diffusion length of about 3.4 nm was determined for HgTe
layer grown at 185 1C. This value is consistent with the extrapola-
tion of Tardot et al. [13] for growth at 180 1C and has to be
considered as a maximum value for interdiffusion in our structures
assuming our maximal growth temperature is 10 1C lower.

The corresponding diffusion coefficient D can be extracted
using xdiff value and t which is chosen as the time of HgTe growth
(i.e. 300 s) for first approximation. D is estimated to be about
9.6ð7 2:3Þ � 10�17 cm2/s.

Fig. 1. HRXRD of HgTe grown on either (2 1 1)B CdTe or (1 0 0)CdTe susbtrates for
different growth temperatures ranging from 140 1C to 185 1C.

Fig. 2. (a) BF-STEM image in and (b) TEM image of the HgTe (83 nm)/CdTe (2 1 1)
structure.
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However, this value was calculated assuming that the time of
diffusion is equal to the time of growth. This is not completely true
since, after the growth process, the substrate is cooled down to
80 1C with a rate of about 4.5 1C/min and so diffusion may occur
with a significant degree during this step. This effect appears not
to be negligible until the substrate temperature reaches 140 1C but
we are nowadays not able to differentiate properly the diffusion
occurring during the growth from the diffusion occurring during
this cooling down.

3. MBE growth and interfaces characterizations of capped
HgTe structures

The sharpness of HgTe/CdTe interfaces has just been demon-
strated. However, for magnetotransport measurements, HgTe
layers are passivated with HgCdTe cap layers grown by MBE [9]
just before and after HgTe. Interdiffusion and morphology of these
HgCdTe/HgTe/HgCdTe interfaces are also interesting to study. In
this paper, a 10 nm HgTe layer grown at 160 1C and capped with
40 nm Hg0.3Cd0.7Te layers is used for characterization.

Fig. 5 shows STEM measurements done on this sample. Bright
Field mode and High Angle Annular Dark Field (HAADF) mode
images provide evidences of a HgTe layer with low defect density
and having sharp and clear interfaces.

Chemical mapping (Fig. 5(c)) is also performed using energy
dispersive X-ray spectroscopy (EDX) and a Cliff–Lorimer ratio
analysis. Concerning EDX resolution, a compromise has to be
taken between beam energy and time of acquisition to ensure
accuracy of the measurement and not damage too fast the sample.

The extracted chemical profile (Fig. 5(d)) gives information
about Hg, Cd and Te concentration ratio through the whole
structure and confirms the abruptness of the interfaces.

Composition of cap layers is estimated to be 60% of Cd and 40% of
Hg which is quite coherent with the nominal composition of 70/30%.
Composition of Cd differs also from the nominal one in the HgTe layer
where 10% are reported. This can be due to a residual deposit.
However, topological aspect of HgTe layer is preserved since Cd
fraction is under 15%. The HgTe layer thickness is estimated to 8.3 nm.

To quantify the diffusion process in such structures, XRR is
performed using a model composed of Hg0.3Cd0.7Te cap layers and
Hg0.65Cd0.35Te intermixing layers surrounding the HgTe layer
(see inset of Fig. 6). The diffusion between the Hg0.3Cd0.7Te first
barrier and the CdTe buffer layer was not taken into account in our
model. This effect is expected to be negligible here because of the
high concentration of Cd in the barrier layer.

HgTe layer of 8.3 nmwith roughness of 0.6 nm is used for fitting.
A CdTe-based oxide layer of 2.3 nm with 0.3 nm of roughness (this
value is consistent with AFM RMS of 0.3 nm) is added to model the
desorption of Hg at the top cap layer surface since cooling down is
not performed under Hg flux for such capped structures.

With respect to these parameters, diffusion lengths are esti-
mated for both interfaces.

The influence of bottom intermixing layer characteristics
(especially its thickness) is visible in the fit for higher angle than
for the top one due to the difference in depth.

The diffusion length for the bottom interface (HgTe/HgCdTe) is
determined to be about 0.970:3 nm for the best fitting condi-
tions. Concerning the top interface (HgCdTe/HgTe), the fit stays
suitable with the data with an intermixing layer thinner than
0.5 nm. The difference between these two diffusion lengths is
explained by a different exposure time to growth temperature.
Indeed the bottom interface is exposed at 160 1C in excess of 30 s
(time for the growth of HgTe) with respect to the top interface.

With these growth conditions and by considering that xdiff¼2
ffiffiffiffiffiffi
Dt

p

(we assume that at 160 1C the diffusion occurring during the end-of-
growth cooling down is not predominant), the bottom diffusion
length should be in theory 1.12 times longer than the top one.

4. Conclusion

We report the molecular beam epitaxy growth of HgTe/CdTe
topological insulator structures with high crystal quality. As inter-
faces are carrying all the electronic transport in these structures, we
focused on their characterization. STEM provides information about
interface morphology and evidenced sharp interfaces. Chemical
profiles using SIMS allow giving a first estimation of the diffusion
length but XRR measurement are needed to provide a necessary
accuracy. For growth temperature of 185 1C, diffusion length of about
3.4 nm is reported. In the case of HgTe capped layer grown at 160 1C,

Fig. 3. SIMS measurements of HgTe (83 nm)/CdTe illustrating Hg and Cd concentration ratio evolution through the whole structure (a). (b) Determination of Hg diffusion
length. Dashed horizontal lines represent C0 and C0/exp(1).

Fig. 4. XRR spectra of HgTe (83 nm)/CdTe. The model structure used for the fit is
represented is the inset as well as the spectral range of main importance for the fit
of the XRR spectra. The red dashed curve represents the experimental data and the
blue curve is the fit using the X’pert Reflectivity software [15–17]. (For interpreta-
tion of the references to color in this figure legend, the reader is referred to the web
version of this article.)
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sharp interfaces of about 1 nm for the bottom interface and lower
than 0.5 nm for the top interface are evidenced.

In a nutshell, with diffusion length on the nanometer order,
HgTe interfaces are a perfect playground for topological properties.
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Investigation of p-side contact layers for II–VI compound
semiconductor optical devices fabricated on InP substrates by MBE
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a b s t r a c t

N-doped p-type ZnTe and ZnSeTe contact layers were investigated to evaluate which is more suitable for
use in II–VI compound semiconductor optical devices on InP substrates. Contact resistances (Rc) between
the contact layers and several electrode materials (Pd/Pt/Au, Pd/Au, and Au) were measured by the
circular transmission line model (c-TLM) method using p-n diode samples grown on InP substrates by
molecular beam epitaxy (MBE). The lowest Rc (6.5�10�5Ω cm2) was obtained in the case of the ZnTe
contact and Pd/Pt/Au electrode combination, which proves that the combination is suitable for obtaining
low Rc. Yellow light-emitting diode devices with a ZnTe and ZnSeTe p-contact layer were fabricated by
MBE to investigate the effect of different contact layers. The devices were characterized under direct
current injections at room temperature. Yellow emission at around 600 nm was observed for each
device. Higher emission intensity and lower slope resistance were obtained for the device with the ZnTe
contact layer and Pd/Pt/Au electrode compared with other devices. These device performances are
ascribed to the low Rc of the ZnTe contact and Pd/Pt/Au electrode combination.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

II–VI compound semiconductors such as ZnCdSe, BeZnTe, and
BeZnSeTe on InP substrates are very attractive for use in visible-to-
infrared optical devices [1–9]. Using these materials, we are devel-
oping green and yellow laser diodes (LDs) and light-emitting diodes
(LEDs) [3–9]. In the developments, lowering the contact resistance
between (especially p-side) contact layers and electrodes is a crucial
issue in obtaining high device performances. ZnTe and ZnSeTe are
potential materials for the p-side contact layers of II–VI devices
because of their high p-type doping properties and low electron
affinity. However, they have merits and demerits as a contact layer.
For example, ZnTe contact layers were used in previous blue-green
II–VI laser diodes on GaAs substrates developed in the 1990s because
of their high p-dopability. However, the ZnTe contact has a problem
of crystal quality due to a large lattice mismatch with GaAs (8.0%)
and InP (4.0%) substrates. On the other hand, ZnSeTe has the merit
that lattice matching with InP substrates can be obtained when the
Se and Te compositions are 0.54 and 0.46, respectively. However,
the p-type doping property of ZnSeTe is lower than that of ZnTe. In
addition, the doping property sensitively depends on the Se and Te
compositions. For example, increasing the Se composition leads to a
rapid decrease in the p-dopability. Therefore, we must precisely

control the composition to obtain high-quality, high doped ZnSeTe
contact layers.

On the other hand, the suitable selection of electrode materials
is also crucial for obtaining low contact resistances. Metal properties
such as a high work function and adhesion to contact layers are
required to obtain low-resistance ohmic p-side electrodes. For the
p-side electrode of II–VI devices, Au, Pt, and Pd have been
commonly used [10–13] because they have relatively high work
functions (5.1, 5.6, and 5.1 eV for Au, Pt, and Pd, respectively). In
addition, Pd has high adhesion due to its reaction with the contact
layer, which is effective for lowering the contact resistance [11–13].

In this study, N-doped p-type ZnTe and ZnSeTe contact layers
were investigated to evaluate which is more suitable for use in II–VI
devices on InP substrates. Contact resistances (Rc) between the
contact layers and some electrode materials (Pd/Pt/Au, Pd/Au, and
Au) were measured using p-n diode samples grown on (100) InP
substrates. Yellow light-emitting diode devices with a ZnTe or ZnSeTe
p-contact layer were fabricated to investigate the effects of the
difference in the contact layers. Device characteristics such as emis-
sion spectra and electrical properties were compared.

2. Sample preparation

The p-n diode samples with p-ZnTe or p-ZnSeTe contact layers
were fabricated to investigate the contact resistances. The samples
consisted of 250-nm-thick n-ZnCdSe, 700-nm-thick p-BeZnTe, and
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thin (30 nm) p-ZnTe or p-ZnSeTe contact layers, as shown in Fig. 1.
The samples were grown on S-doped (100) n-InP substrates
employing a double-chamber molecular beam epitaxy (MBE)
system consisting of II–VI and III–V growth chambers connected
by an ultrahigh-vacuum transfer (UVT) chamber. The elemental
sources used in this growth were In (7N), Ga (7N), P (7N), As
(7.5N), Be (4N), Zn (7N), Se (6N-S), Cd (7N), and Te (7N). Standard
Knudsen effusion cells were used to supply Be, Zn, Cd, Te, In, and
Ga molecular beam fluxes. Se, P, and As fluxes were supplied from
valved cracker cells.

First, thermal cleaning of the InP substrate surface was per-
formed under P flux irradiation at 500 1C in the III–V chamber.
Then, 30-nm-thick Si-doped n-InP and 90-nm-thick Si-doped
n-InGaAs buffer layers were grown at 450 and 470 1C, respectively,
After that, the samples were transferred into the II–VI chamber to
grow II–VI layers. Before the II–VI growth, Zn flux was irradiated
onto the n-InGaAs buffer surface at 240 1C. Then, 6-nm-thick n-
ZnCdSe low-temperature (LT) buffer and 250-nm-thick n-ZnCdSe
buffer layers were grown at 240 and 280 1C, respectively. Follow-
ing the buffer growth, 700-nm-thick p-BeZnTe and 30-nm-thick p-
ZnTe or p-ZnSeTe contact layers were grown at 300 1C. The
ZnCdSe, BeZnTe, and ZnSeTe layers were grown under lattice-
matching conditions with the InP substrate. That is, the Zn and Cd
compositions for ZnCdSe were 0.47 and 0.53, those of Be and Zn
for BeZnTe were 0.48 and 0.52, and those of Se and Te for ZnSeTe
were 0.54 and 0.46, respectively. The n- and p-type doping sources
were ZnCl2 and radio-frequency (RF) radical nitrogen, respectively.
In the p-doping, the RF power and partial pressure of nitrogen in
the growth chamber were 450 W and 1.0�10�7 Torr, respectively.

After the growth, patterned electrodes were formed on the contact
layers by conventional photolithography and standard evaporation
techniques. Pd/Pt/Au, Pd/Au, and Au electrodes were formed by an
electron beam (EB) method. In particular, the Pd/Pt/Au electrode was
evaporated in the order of Pd, Pt, and Au from the contact surface. The
thicknesses of Pd, Pt, and Au were 10, 50, and 100 nm, respectively. In
addition, samples with Au electrodes formed by resistant heating
(RH) evaporation were prepared for comparison. In this experiment,
no annealing was performed after the evaporation.

3. Contact resistance measurements

The contact resistances of the samples were measured by the
circular transmission line model (c-TLM) method [14]. In this
method, circle-patterned electrodes with several gap lengths
between the circle and the outside electrodes [14] are used, and
the contact resistances were estimated from the relationship
between the gap length and the resistance between the circle and
the outside electrodes. In this experiment, the resistances between
the electrodes were obtained from the I–V characteristics at room

temperature (RT). The I–V curves showed ideal ohmic characteristics
for each sample. Fig. 2 shows the resistances (R) between the
electrodes as a function of gap length (d) for the ZnTe and ZnSeTe
contact samples with Pd/Pt/Au electrodes. Almost linear relationships
between R and d were obtained for both samples. Similar linearity
was also confirmed for all other samples. From the relationships,
values of twice the transfer length (Lt) of each sample were estimated
by determining the gap length when R¼0 by extrapolation. Then, the
contact resistances (Rc) were estimated from the Lt and R values and
the radii of the circle electrodes. The electrode geometry and size and
the calculation method of Rc were the same as those in Ref. [15].

The Rc values obtained for the ZnTe and ZnSeTe contact layer
samples with various electrode combinations (i.e., Pd/Pt/Au, Pd/Au,
Au formed by EB evaporation, and Au formed by RH evaporation)
are summarized in Table 1. In these data, the lowest Rc value is
6.5�10�5Ω cm2 for the ZnTe sample with the Pd/Pt/Au electrode,
showing that this combination is the most suitable for use as a low-
resistance contact. On the other hand, the highest Rc value was
9.0�10�3Ω cm2 for the ZnSeTe sample with Pd/Pt/Au electrodes.
Also in the case of the Pd/Au electrode Rc for ZnSeTe was higher
than that for ZnTe. These results can be ascribed to the disruption of
ZnSe by the deposited Pd [16]. In general, Pd is known to be a
reactive transition metal when it is used as an electrode material on
semiconductors such as GaAs [11–13]. The reactive transition metal
promotes some reactions between the metal and the semiconduc-
tor surface, which is effective for lowering the contact resistance. In
the case of the Pd/ZnSe combination, however, Pd is known to be
not reactive but disruptive to ZnSe [16]. From this, it is considered
that the disruption of ZnSe components in the ZnSeTe contact layer
is due to the deposited Pd forming some barrier layer such as an
insulating layer, which resulted in the high Rc of the ZnSeTe sample.
The disruptive effect was particularly enhanced in the case of the
Pd/Pt/Au electrode as a result of the ion irradiation of the sample
surface during the EB evaporation of Pt. The amount and effects of

p-ZnTe or p-ZnSeTe contact 30 nm

p-BeZnTe             700 nm

n-ZnCdSe             250 nm

LTn-ZnCdSe buffer
buffern-InGaAs

n-InP substrate

Fig. 1. A schematic diagram of the p-n diode samples with the ZnTe and ZnSeTe
contact layers.
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Fig. 2. Resistances (R) between the circle and outside electrodes for the ZnTe and
ZnSeTe contact samples with Pd/Pt/Au electrodes as a function of the gap length (d).

Table 1
Experimental Rc values of the ZnTe and ZnSeTe contact layer samples with Au, Pd/
Au, and Pd/Pt/Au electrodes made by the EB (for Au, Pd/Au, and Pd/Pt/Au) and RH
(for Au) evaporation.

Electrode material Rc (Ω cm2)

ZnTe contact ZnSeTe contact

Au (RH) 6.3�10�3 3.1�10�3
Au (EB) 7.2�10�4 3.5�10�4
Pd/Au (EB) 7.7�10�5 2.7�10�3
Pd/Pt/Au (EB) 6.5�10�5 9.0�10�3
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Pt ions from the evaporation source must have been greater than
those of Pd and Au because the emission current for the EB
evaporation of Pt was very high (130 mA) owing to the very low
vapor pressure of Pt compared with those of Pd and Au (20 mA).
This is considered to be the reason behind the highest Rc value in
the case of the ZnSeTe sample with the Pd/Pt/Au electrode.

On the other hand, the lower Rc values of the ZnTe samples with
the Pd/Pt/Au and Pd/Au electrodes are ascribed to various factors, i.e.,
the reactive transition metal effect of Pd described above, the high p-
doping of the ZnTe contact layer, the higher valence-band maximum
of ZnTe, and the large work functions of the metals (especially Pt). In
our previous work, the net acceptor densities of 500-nm-thick N-
doped ZnTe and ZnSeTe layer samples grown under the same
conditions as the samples in this study were evaluated by C–V
measurements employing a UCVpro-UV device (Nanometrics). As a
result, the acceptor densities of the ZnTe and ZnSeTe layers were
found to be 2.0�1019 and 6.0�1018 cm�3, respectively. This high p-
doping of the ZnTe layer must have contributed to reducing Rc for the
ZnTe samples with the Pd/Pt/Au and Pd/Au electrodes. In addition,
the valence-band maximum of ZnTe was higher than that of ZnSeTe,
which is effective for obtaining ideal ohmic contacts and low Rc.
Comparing the Pd/Au and Pd/Pt/Au electrodes, the Pd/Pt/Au elec-
trode is more effective for lowering Rc because it includes Pt, which
has a larger work function than Pd and Au.

Contrary to the case of the Pd/Pt/Au and Pd/Au electrodes, the Rc
values of the ZnSeTe samples were lower than those of the ZnTe
samples in the case of the Au electrodes, although the doping level
and the valence band top of ZnSeTe were lower than those of ZnTe.
This is ascribed to the difference in the crystal quality of the ZnTe and
ZnSeTe layers. ZnTe had a highly compressive strain (4.0%) to InP
substrates, which led to the crystal degradation and surface rough-
ness of the contact layer [15]. This low crystal quality causes the
interface state and deep levels to function as carrier traps because of
the crystal defects, and they suppress the hole injection from the
metal to the contact layer. In contrast, high crystal quality was
obtained for the ZnSeTe contact because it was lattice-matched with
the InP substrate [15], which resulted in lower Rc than that of ZnTe.
Therefore, it is considered that the high crystal quality of ZnSeTe is
more effective for determining the Rc than the high p-doping and
high valence band top of ZnTe in the case of the Au electrode.

In addition, it is interesting that the Rc values of both the ZnTe
and ZnSeTe samples with the Au electrodes formed by EB evapora-
tion were lower than the those of samples with the Au electrode
formed by RH evaporation. This was probably due to the difference
in the migration energy of Au adatoms (and/or molecules) evapo-
rated onto the contact layers by EB and RH evaporation. That is, the

migration energy of Au adatoms and molecules in the case of EB
evaporation was higher than that in the case of RH evaporation,
which was effective for enhancing the uniformity and adhesion of
the Au electrodes, and thus lowering the Rc.

In this study, the lowest Rc was 6.5�10�5 Ω cm2 in the case of
p-ZnTe contact layers and Pd/Pt/Au electrodes. In general, it is
preferable for practical use that Rc is the order of 10�6Ω cm2 or
less. Therefore, it is necessary to decrease the Rc a little more. On
the other hand, the above result is comparable to reported values
for other semiconductor/metal contacts. For example, the Rc value
in the case of p-InGaAs contact layers and Au/Pt/Ti electrodes with
no annealing after the metal deposition was 8.3�10�5Ω cm2

[17]. Here, the doping level of the p-InGaAs layer was
2�1019 cm�3, which was the same as one in our case. In addition,
the Rc in the p-InGaAs case decreased to 7.5�10�6 Ω cm2 by
increasing the doping level of the contact layer to 1�1020 cm�3,
and it decreased to 4.8�10�8Ω cm2 by annealing [17]. Therefore,
we expect that the Rc in our case also can be decreased further-
more by increasing the doping level and annealing.

4. Characteristics of light-emitting devices

Yellow light-emitting diode devices with ZnTe and ZnSeTe
contact layers were fabricated to investigate the effects of different
contact layers. The devices consisted of a 30-nm-thick BeZnTe/
ZnSeTe superlattice (SL) active layer sandwiched by MgSe/BeZnTe
barrier layers and MgSe/ZnCdSe SL n-cladding, MgSe/BeZnTe SL
p-cladding, and 30-nm-thick ZnTe or ZnSeTe p-contact layers. The
devices were grown on S-doped (100) n-InP substrates by double-
chamber MBE. Details of the device structure and growth conditions
are described in Ref. [15]. After the growth, 50-μm-wide stripe-
geometry Pd/Pt/Au and Au electrodes were formed on the p-contact
layers by conventional photolithography and the evaporation tech-
niques described in Sec. II. The Pd/Pt/Au and Au electrodes were
formed by EB and RH evaporation, respectively. For the n-side
contact, Au electrodes were formed by RH evaporation on the back
of the substrate. Then the device wafers were cleaved to produce
chips with a length of approximately 500 μm. The devices were
characterized by direct current (DC) injection at RT.

Fig. 3 shows emission spectra of the ZnTe and ZnSeTe contact
devices with (a) Pd/Pt/Au and (b) Au electrodes under a current
density of 50 A/cm2. In Fig. 3(a), the peak wavelengths of the ZnTe
and ZnSeTe contact devices are 608 and 604 nm, and the full width
at half maximum (FWHM) values of the peaks are 87.7 and 97.2 meV,
respectively. In Fig. 3(b), the peak wavelengths are 610 and 598 nm,
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Fig. 3. Emission spectra of the light emitting devices with a ZnTe and ZnSeTe p-contact layers in the case of (a) Pd/Pt/Au and (b) Au electrodes under the current density of
50 A/cm2 at RT.
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and the FWHM values are 85.6 and 103.7 meV for the ZnTe and
ZnSeTe devices, respectively. In Fig. 3(a) and (b), there are differences
between the emission intensities of the ZnTe and ZnSeTe contact
devices. The peak intensity of the ZnTe device is higher than that of
the ZnSeTe in the case of the Pd/Pt/Au electrodes (Fig. 3(a)). In
contrast, the peak intensity of the ZnTe device is lower than that of
the ZnSeTe in the case of the Au electrodes. Here, we note that this
trend is consistent with the results for Rc shown in Table 1. That is, Rc
for the ZnTe contact is lower than that for the ZnSeTe contact, and
the emission intensity of the ZnTe device is higher than that of the
ZnSeTe device in the case of the Pd/Pt/Au electrodes. Meanwhile, the
case of the Au electrodes was the contrary. The cause of these results
(i.e., the difference in the intensity and the relationship with the Rc)
have not yet been made clear. However, as one of possible causes, it
is considered that the difference in the emission intensities is due to
heat generation under DC injection by the device resistance. For
example, the higher Rc in the case of the ZnSeTe contact and Pd/Pt/Au
electrode combination increased the device temperature by the heat
generation at the contact layer, which caused the decrease of the
emission intensity. As another cause, the disruption of the ZnSeTe
contact due to Pd deposition in the case of the Pd/Pt/Au electrode
described in Sec. III might have affected not only the p-contact but
also other parts of the device such as the active layer, which led to
the deterioration of the device performances such as the emission
intensity.

Fig. 4 shows the injection current density versus applied voltage
(J–V) characteristics of the ZnTe and ZnSeTe contact devices with the
Pd/Pt/Au electrodes. As shown in Fig. 4, the slope resistance of the
ZnTe device is lower than that of the ZnSeTe device. In fact, the slope
resistances of the ZnTe and ZnSeTe devices are 4.4�10�3 and
1.1�10�2Ω cm2, respectively. Assuming that the contact resistances
of the devices are the same as the Rc values shown in Table 1, the
series resistances without the p-contact resistances are estimated by
subtracting the Rc values from the slope resistances. As a result, the
series resistances (not including the p-contact resistances) of the
ZnTe and ZnSeTe devices are 4.3�10�3 and 3.0�10�3Ω cm2,
respectively. The two values are similar, which is consistent with
the fact that the structures of the ZnTe and ZnSeTe devices are the
same except for the p-contact layers and p-electrodes. Therefore, the
low slope resistance of the ZnTe device is ascribed to the low Rc. From
these results, it is concluded that the combination of the ZnTe p-
contact layers and Pd/Pt/Au electrodes is very effective for lowering
the Rc and improving the device performances.

On the other hand, current densities of the ZnSeTe device were
higher than those of the ZnTe device in the applied voltage range
from 5 to 15 V as shown in Fig. 4, which means lower total
resistances of the ZnSeTe device in that range. This can be ascribed

to lower crystal quality especially around the p-n junction including
the active layer of the ZnSeTe device. That is, the rectification
characteristic slightly became dull due to leakage currents through
defect levels such as interface states for the ZnSeTe device, which
was probably caused by accidental deviation of the crystal growth
condition and compositional fluctuations of the layers around the
junction. Or the disruption of the ZnSeTe contact layer due to Pd
deposition might have affected the crystal quality around the
junction, as discussed about the emission properties in Fig. 3. At
all events, the cause has not yet been identified at the moment.

5. Conclusions

N-doped p-type ZnTe and ZnSeTe contact layers were more
investigated to evaluate which is suitable for use in II–VI devices
on InP substrates. The Rc values between the contact layers and some
electrodes (Pd/Pt/Au, Pd/Au, and Au) were measured by the c-TLM
method using p-n diode samples grown on InP substrates by MBE.
The lowest Rc (6.5�10�5Ω cm2) was obtained in the case of the
ZnTe contact and Pd/Pt/Au electrode combination, which shows that
the combination is suitable for obtaining low Rc. Yellow light-
emitting diode devices with a ZnTe or ZnSeTe p-contact layer were
fabricated to investigate the effects of different contacts layer. Device
characteristics such as the emission spectra, J–V characteristics, and
series resistances were evaluated. Yellow emission around at 600 nm
was observed for the devices. Higher emission intensity and lower
slope resistance were obtained for the device with the ZnTe contact
and Pd/Pt/Au electrode. The low slope resistance was ascribed to the
low Rc. These results prove that the combination of the ZnTe p-
contact layers and Pd/Pt/Au electrodes is very effective for lowering
the Rc and improving the device performances.
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a b s t r a c t

High quality CuGaSe2 and CuInSe2 single crystalline layers are grown on GaAs (001) by employing the
deposition sequence of migration enhanced epitaxy using a solid source molecular beam epitaxy system.
When CuGaSe2 is grown on CuInSe2 at moderate temperatures, severe interdiffusion takes place at the
heterojunction of CuGaSe2/CuInSe2. This problem has been solved by optimizing the growth temperature
and deposition rates of the constituent elements. Thus, we have successfully grown CuGaSe2/CuInSe2
single quantum well with sharp interfaces on GaAs (001) for the first time. Intense photoluminescence
from the single quantum well with 10 nm well width is demonstrated.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Growth of chalcopyrite materials such as CuInSe2 (CIS) and
CuGaSe2 (CGS) has been done on glass substrates by variety of
deposition methods for solar cell application. Therefore, grown layers
have been polycrystalline. In addition, only p-type conduction is
obtained in these materials. Therefore, solar cells have been usually
constructed by making p–n heterojunctions using n-type CdS/ZnO
[1,2]. These structures suffer from the poor interface flatness and thin
film crystal quality, mainly due to the large lattice mismatching at the
heterointerface. As a result, high density of defects could be intro-
duced. Nevertheless, resulting solar cells show high performances as
used for practical application. We expect that the solar cell perfor-
mances could be much more improved by using high quality single
crystal thin films of CIS and CGS instead of polycrystalline layers. If the
high quality single crystal layers are available, flat interfaces are easily
achieved. In addition, we expect that such low defect density single
crystal layers could be useful to achieve materials with n-type
conduction. If the heterojunction interface issues are eliminated,
dramatic increase in efficiency of solar cells can be expected. In
addition, if the flat interfaces are obtained in CIS/CGS and CGS/CIS
heterostructures, CGS/CIS quantum wells and superlattices (SLs) can
be grown. Thus, this material system can be applied to variety of
electro-optic devices in addition to solar cells. Growth and

characterization of single crystal CIS and CGS layers have so far been
grown by using molecular beam epitaxy (MBE) [3–6]. By optimizing
Cu/Ga, and Cu/In ratios they improved the hole mobility of CGS and
CIS. However, the values were still not very high compared with those
of the samples grown by a chemical vapor transport method [7,8].

In the present work, we have found that during epitaxial
growth of CGS on GaAs (001) by MBE, the intensity of RHEED
pattern decreases and disappears after several tens of MLs growth.
When the migration enhanced epitaxy (MEE) deposition sequence
is applied instead of simultaneous deposition of conventional
MBE, the intense RHEED patterns are conserved throughout the
growth. Resulting CGS layers exhibit hole mobility as high as
220 cm2/Vs at 300 K and 2000 cm2/Vs at 100 K [9,10]. There-
fore, we have adopted the MEE deposition sequence where cations
(Cu and Ga) and anions (Se) are alternately deposited. Similar
improvement is observed for CIS growth on GaAs (001).

Thus, we have grown high quality CIS and CGS thin films by
using MEE. By optimizing the growth temperature and fluxes of
constituent elements, CGS/CIS double heterostructures and single
quantum wells (SQW) are successfully grown on GaAs (001)
substrates for the first time. The grown structures are evaluated
by means of X-ray diffraction (XRD) and photoluminescence (PL).

2. Experimental procedure

A VG80H MBE system equipped with a RHEED gun having an
acceleration voltage of 20 kV and an incident angle of 1.51 has
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been used in this work. Single crystal CIS and CGS thin films and
CGS/CIS SQWs have been grown by using MEE deposition
sequence. The MEE growth of CGS for example is composed of
repetition of CuþGa deposition followed by Se deposition. The
variation of RHEED specular beam intensity is monitored during
growth. We have employed GaAs (001) as substrates because its
lattice constant is close to those of CIS and CGS. The lattice
mismatch between CGS and GaAs is only 0.7% and, for CIS and
GaAs it is 2.3%.

Optimized beam equivalent pressures of Cu, In, Ga and Se used in
this experiment are 1�10�7 mbar, 3�10�7 mbar, 3�10�7 mbar
and 1�10�5 mbar, respectively. The duration of the deposition
cycle is 2 s for each of Cuþ In(Ga) and Se deposition which provides
about 2.0 MLs/cycle. With the flux intensities stated above, 2 MEE
cycles complete one unit cell of chalcopyrite crystal. Background
pressure of the growth chamber is as low as 5.0�10�10 mbar. After
removing the native oxide from the GaAs (001) substrate at 590 1C,
we have confirmed (2�4) reconstruction. After that, we have grown
CGS, CIS and CGS/CIS single quantum wells. Growth has been
performed at temperatures between 580 1C and 350 1C.

For structural studies, XRD measurements were performed for
grown structures. We have measured and analyzed PL of CGS, CIS
thin films and CGS/CIS SQWs. In the present PL study, we have
employed cooled InGaAs–CCD detector and the excitation laser
energy of 2.33 eV. Hall measurements were also performed at
room temperatures.

3. Results and discussion

As described above MEE deposition sequence keeps the RHEED
pattern bright throughout the epitaxial growth. This is probably
caused by the fact that, in MEE, cations and anions of constituent
elements are separately deposited on the surface. During cation
deposition, CuþGa/In atoms have enough time to find their preferable
nucleation sites and able to produce well-ordered and smooth surface
layer [11–13]. Indeed, MEE has been proved useful for producing high
mobility CGS and CIS compared with those grown by conventional
MBE [9]. Undoped CGS with hole concentration of 1� 1017=cm3

shows a hole mobility higher than 200 cm2/Vs at room temperature.
Another difficulty of the growth of this system is severe

intermixing at the CGS/CIS interface. It is found that less inter-
mixing occurs when CIS is grown on CGS, while drastic intermix-
ing is observed when CGS is grown on CIS at temperatures higher
than 500 1C. This intermixing problem is circumvented by low-
ering the growth temperature and optimizing the deposition
fluxes. The intermixing is directly detected through in-situ RHEED
specular beam intensity observation. The details are reported
elsewhere [14].

Such intermixing occurs even between GaAs substrate and over
grown CIS layer. Fig. 1 shows the results of double-crystal X-ray 2θ–
ω scans of CIS grown on GaAs (001) at temperatures 580 and 530 1C
in the vicinity of (004) GaAs Bragg angle. Each sample has a CIS
thickness of about 1 μm. The sample grown at 530 1C exhibits well-
distinguished diffraction peaks close to its strain-free angle of CIS
(008) as shown by a dashed vertical line [15]. In the sample grown
at 580 1C, however, the diffraction peak appears at 64.741, which
corresponds to a smaller vertical lattice constant c compared to CIS
(11.616 Å). Plausible reason for this obvious shift is due to the Ga
incorporation into CIS layer from the GaAs substrate during growth.
Even the CIS layer grown at 530 1C has diffraction peak shifts
slightly to the higher angle direction, suggesting also an intermixing
between CIS and GaAs. Assuming that Vegard's law is operative in
this system, the CIS layer grown at 580 1C contains 16% of Ga in
average, while 2% of Ga contamination is expected in the sample
grown at 530 1C. This implies that even when temperature is as low

as 530 1C, Ga diffusion from GaAs substrate into growing CIS occurs
prominently. Rather broad diffraction bands of CIS related peaks are
probably caused by the gradual variation of Ga/In ratio in the
epitaxial layers. Thus, low temperature growth is vital to achieve an
abrupt interface of CIS on GaAs. However, there are no other
domain phases, microstructures or twining in the {112} and {103}
pole as confirmed by the pole figure of epitaxial CIS single crystal on
GaAs (001) shown in Fig. 2. Previously, we have reported the pole
figure results of CGS on GaAs (001) [9], similarly it confirms that
there are no other microstructures in the epitaxial CGS layers.

For the growth of CIS/CGS quantumwells, we have first deposited
500 nm-thickness of CGS layer at 580 1C because no discernible
intermixing occurs at CGS/GaAs interface at 580 1C. Then the sub-
strate temperature is lowered to 350 1C, where a 10 nm-thickness of
CIS well is grown. Next, at the same temperature (350 1C) a 30 nm-
thickness of CGS growth is continued. Then the growth is suspended
and the substrate temperature is increased to 580 1C. Then the CGS
growth is continued until the total CGS thickness reaches 500 nm.
This process anneals the previously grown CIS and CGS at 350 1C. As a
result, the crystal quality of the SQW is improved.

PL measurements are carried out on the CIS thin films grown on
GaAs at 530 1C. PL measurements are performed between 10 and
300 K using 532 nm excitation source with 2�30 mW and a InGaAs
CCD detector. The PL spectra measured at different temperatures are
shown in Fig. 3. At 10 K, the dominant peak appears at 1.043 eV,

Fig. 1. XRD measurement results of CIS grown on GaAs (001) at 580 and 530 1C.
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Fig. 2. {112} and {103} pole figure of CIS/GaAs.
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which is probably caused by the CIS excitonic transition. Even though
CIS grown at 530 1C has 2% of Ga incorporation, intense and sharp
spectra of near band edge emissions are obtained which confirms
high crystal quality. Using results from Fig. 3, a multi-peak Gaussian
fitting is performed to analyze the superpositioned emission peaks.
The PL peak fitting results are used to discuss the temperature effect
in CIS material. In Fig. 4 the temperature dependence of the radiative
recombination peaks for both bound and free excitons are shown.
The PL peak energy difference between temperatures at 300 and
10 K is only 10 meV, indicating that the bandgap variation on
temperature is very small. This value is one order of magnitude
smaller than that of GaAs. This is one of the characteristics of CIS
which may be useful for optical devices. In Fig. 4, PL peak energies for
both emission lines show a slight increase when the temperature is
raised from 10 K to 50 K. This phenomenon could be related to the
characteristics of thermal expansion coefficient of this material.
Above 100 K, the bound exciton peak disappears probably due to
the excitation to free excitons.

The PL spectra from a CGS/CIS SQW composed of 500 nm of CGS
barrier and 1 nm of CIS well are shown in Fig. 5. The excitonic
emission from the SQW appears at 1.11 eV, while the excitonic
transition feature from CGS barrier layer is seen at 1.71 eV. PL
emission peak of pure CIS should be around 1.05 eV at 10 K. The
calculated energy of the transition between the lowest quantized
levels of 10 nm quantumwell is about 30 meV higher than the bulk
CIS band-to-band transition. Therefore, the SQW emission occurs at
30 meV higher than the calculated value. This discrepancy is
probably caused by the possible small amount of Ga diffusion into
the CIS well during the growth of upper CGS barrier layer.
Furthermore, the full-width-at-half-maximum (FWHM) of the PL

spectra of SQW (�140 meV) is much broader than that of the
excitonic emission of CGS (�10 meV). In addition, the FWHM is
almost independent on the temperature. Therefore, this broadness
of SQW emission is probably caused by the Ga and In interdiffusion
at the interface of CGS and CIS. On the other hand, there is no
obvious temperature variation in the PL emission energies in CIS
SQW. This is quite an interesting feature of this material system,
which makes it attractive for future device application. Fig. 6 shows
PL emission spectra from the CGS barrier. Here, we are able to
confirm much larger temperature dependence than those of CIS.
The peak energy variation between 10 K and 300 K is as large as
25 meV which is attributed to the CGS bandgap characteristics.

Electrical properties are also investigated for undoped CIS and
CGS single layer films. CIS thin films grown at 530 and 580 1C
exhibit similar hole concentrations between 3� 4� 1017=cm3. The
hole mobility of these CIS samples is 86 and 220 cm2/Vs. CGS
thin films also show similar mobility characteristics as CIS. The
CGS samples grown at 580 1C exhibit a hole mobility of approxi-
mately 200 cm2/Vs, while those grown at 550 1C give only about
70 cm2/Vs. However, n the latter, the resulting hole concentration
is very different; the samples grown at 580 1C show a hole
concentration of � 1� 1017=cm3, while the sample grown at
550 1C gives 4� 1016=cm3. These results suggest that higher
temperature growth is preferable for obtaining high mobility
material for both CIS and CGS. However, in our SQW samples,
low-temperature grown CIS well and a part of CGS are annealed
during the growth of upper CGS barrier. Thus, the quality of the
well region is predicted to be good. This may be the major reason
of the intense PL emission from the well.

Fig. 3. PL emissions of CIS thin film grown on GaAs at 530 1C.

Fig. 4. Temperature dependence of excitonic emissions of CIS thin film grown on
GaAs at 530 1C.

Fig. 5. PL emissions of CGS/CIS SQW grown at 350 1C.

Fig. 6. PL emissions of CGS barrier grown at 580 1C.
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4. Conclusion

In conclusion, we have successfully grown CIS thin films and
CGS/CIS SQWs on GaAs (001) substrates using MEE growth
sequence. In order to prevent intermixing between CIS and CGS,
a special temperature control process is developed in the growth
of CGS barrier on CIS well, in particular. Grown structures are
characterized by X-ray diffraction and PL. The PL from 10 nm CIS
well appears at 1.11 eV which is higher than the predicted value by
about 30 meV. Since the intensity of quantum well PL emission is
much higher than those observed in CGS barrier layer, photo-
excited carriers are efficiently injected into the quantum well.
Moreover, PL from SQW shows no obvious temperature variation
which could be a useful characteristic for optical devices.
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a b s t r a c t

In order to increase the conduction band offset of the ZnCdMgSe-based material system we studied the
incorporation of strained CdSe layers to obtain deeper quantum wells for shorter wavelength intersub-
band transitions than those obtained in lattice-matched structures. Five CdSe/ZnSe/ZnCdMgSe multi-
quantum wells (QW) samples grown by molecular beam epitaxy are studied in detail by transmission
electron microscopy (TEM), X-ray diffraction (XRD), cw-photoluminescence (PL), and Fourier Transform
Infrared (FTIR) absorption experiments. TEM and XRD results confirmed good structural quality of the
samples. All the multi-QW PL energies were below the ZnCdSe lattice-matched to InP alloy bandgap
(2.1 eV), which serves as first evidence of having achieved deeper quantum wells. FTIR absorptions from
3.83 to 2.56 μmwere measured, shorter than those achieved by the lattice matched system. Simulations
based on these results predict that absorptions as low as 2.18 μm can be obtained with these materials.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Quantum wells (QW) are the building blocks of intersubband
(ISB) devices such as quantum well infrared photodetectors
(QWIPs) [1], quantum cascade (QC) lasers [2] and QC detectors
[3]. Commercially available ISB devices cover the mid-infrared
wavelengths from 4 to 13 μm, and have many applications in
science (spectroscopy), medicine (non-invasive glucose monitor-
ing), environment (monitoring of trace pollutants), industry (pro-
cess monitoring) and military (countermeasure). Achieving room
temperature ISB activity shorter than 4 μm wavelengths, to
expand their range, has been an area of research since the past
decade. The commercially available ISB devices are made from the
InGaAs/InAlAs alloys grown on InP. When lattice matched, this
material system has a conduction band offset (CBO) of 0.52 eV [4],
not enough to reach the 3–5 μm range. Larger offsets can be
obtained when strained layers are used, but devices made from
those structures have reached a short wavelength fundamental
limit of �4 μm, due to intervalley scattering [5,6]. In order to
achieve shorter IR wavelengths one must increase the CBO, while
avoiding intervalley scattering. Some material systems have been
investigated for shorter IR wavelength response, including, among

the III–Vs, GaN/Al(Ga)N [7–9], InGaAs/AlAs/InAlAs [10,11], InGaAs/
AlAsSb/InP [12], InAs/AlSb [13,14], and, among the II–VIs, (CdS/
ZnSe)/BeTe [15,16], and the ZnCdMgSe-based structures [17]. The
last example is the focus of our current research.

Calculated band structures of ZnCdSe/ZnCdMgSe-based materials
lattice-matched to InP [18,19], and experimental measurements of
their CBOs [20] confirm that this system has favorable properties to
go beyond the commercially available wavelength range. It has a
lattice matched CBOMAX of �1.1 eV, and the Γ and X valleys are
farther apart than the III–Vs, promising no intervalley scattering.
With this system we have reported several novel results in ISB
devices, including the first II–VI QWIP operating up to room
temperature [21] and the first II–VI QC detector [22], with detectiv-
ities around 2.6 and 3.6 mm. Even though the maximum lattice-
matched CBO is large enough to expand their operating wavelengths
by simply using higher barriers and thinner wells, growth of high
bandgap barrier materials, which require high Mg content, is difficult,
and the materials are unstable to oxidation. Here we explore the use
of the low bandgap CdSe material to make deeper quantum wells as
an alternative approach.

Within the ZnCdMgSe alloy system, CdSe is the lowest bandgap
binary at our disposal (Eg¼1.7 eV). However, it has a large þ3.5%
mismatch with our substrate of choice, InP. An approach that can be
used to incorporate such a highly strained layer in a device
structure is strain compensation. We will use ZnSe (Eg¼2.7 eV)
layers, which has �3.4% mismatch to the InP as strain
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compensating layers. As long as the CdSe layers remain below their
critical thickness on InP, estimated to be 10 ML, a similar amount of
ZnSe can be deposited to achieve strain compensation on InP. ZnSe/
CdSe quantum dots have been previously studied and grown on
GaAs substrates, where the strain compensation approach for the
growth of QWs cannot be easily applied. The optical properties of
ZnSe/CdSe short period superlattices on InP have been reported
[23,24], but there are no reports of the use of the combination of
these binaries to form isolated QWs.

In this paper we will discuss the growth of multi-QW struc-
tures grown by Molecular Beam Epitaxy (MBE) using a ZnCdMgSe
alloy with a bandgap of 3.0 eV, lattice matched to InP, as the
barrier material, compressively strained CdSe as the well material,
and tensile strained ZnSe for strain compensation, all grown on
InP substrates. We will choose to sandwich the CdSe layer with
two ZnSe layers to form a symmetric step QW system. The multi-
QW structures grown exhibit narrow short IR wavelength ISB
absorption peaks as low as 2.56 μm at room temperature. Simula-
tions based on these results confirm that these structures can be
used to cover the 2–3 μm range.

2. Experimental details and methods

2.1. Molecular beam epitaxy growth and samples description

The samples were grown in a dual-chamber MBE system on
semi-insulating InP (001) substrates. We chose InP substrates
because: 1) it is widely used in currently commercially available
InGaAs based intersubband devices, 2) there is a wide range of
accessible energy gaps of ZnCdMgSe-based alloys that can be
grown lattice matched to it, and 3) strain compensation can be
readily be achieved on this substrate. Epi-ready substrates were
bonded to molybdenum blocks using indium and loaded to the
MBE system in a clean environment. The substrate's native oxide
was removed under an arsenic flux in the chamber dedicated to
the growth of III–V materials by heating the surface to �500 1C
while monitoring the reflection high energy electron diffraction
(RHEED) patterns. After the oxide was removed, a 130 nm buffer
layer of InGaAs lattice-matched to InP was grown, and transferred
via ultra-high vacuum transfer modules to a second chamber used
to grow II–VI materials.

In the II–VI chamber, the surface was exposed to atomic Zn flux
for 30 s, and then a 7 nm ZnCdSe layer was grown at a low
temperature of 200 1C. The substrate temperature was then raised
and kept at the optimal growth temperature of 300 1C for the
deposition of the remaining layers. A 120 nm ZnCdSe layer was
first grown, followed by 110 nm of ZnCdMgSe. Then the ZnSe/
CdSe/ZnSe symmetric step QW structure was grown, followed by a
9.2 nm ZnCdMgSe barrier layer. The deposition times (and there-
fore the thicknesses) of the ZnSe and CdSe layers were varied to
explore the properties for different QW thickness and different
strain. This set of 4 layers was repeated 35 times, to create a multi-
QW structure. After growth of the multi-QWs, a 110 nm layer of
ZnCdMgSe was grown. We capped the structure by growing a
10 nm ZnCdSe layer, to protect the Mg containing layers from
oxidation. Brief growth interruptions of 10 s, during which the
sample was only irradiated with a molecular flux of Se, were used
at the interfaces between layers throughout the entire structure.

A Se-to group-II flux ratio of 6 was used to ensure Se-stabilized
growth conditions. Growth of the materials was monitored by
RHEED, and streaky 2�1 patterns were observed throughout the
growth. Prior to the growth of the multi-QW samples, the
compositions of ZnCdSe and ZnCdMgSe were calibrated by grow-
ing and characterizing �1 mm thick layers to ensure that they are
closely lattice-matched to the InP substrate. No change of the cells

temperatures was made after this calibration for the deposition of
the ZnSe and CdSe compounds. RHEED oscillations were used to
obtain growth rates, which were 0.38 mm/h for ZnCdSe, and
0.80 mm/h for the ZnCdMgSe layers. RHEED oscillations could not
be observed for CdSe, therefore we will vary the deposition times
of the CdSe and ZnSe layers to vary the QW thickness and strain.
Information for the samples investigated here is given in Table 1,
which includes deposition times used for the CdSe (tCdSe), the ratio
between tCdSe and total ZnSe deposition time (tZnSe), and the
samples characteristics.

2.2. Post-growth characterization

Structural information of the grown samples was obtained by
performing high resolution transmission electron microscopy
(TEM), and X-ray diffraction (XRD). A Bruker D8 Discover X-ray
diffractometer was used to obtain 2θ�ω scans around several
Bragg reflections of the InP substrate. The electron microscope
used was a Hitachi HD2700 scanning transmission electron
microscope (STEM) with spherical aberration correction. It was
operated at 200 kV acceleration voltage. Dark field transmitted
electron images were acquired in atomic number contrast mode
(ZC) detected with a High Angle Annular Dark Field (HAADF)
detector.

Steady-state PL and Fourier Transform infrared (FTIR) absorp-
tion measurements were performed to investigate the optical
properties of the structures. The steady-state PL studies were
carried out at room temperature by optically pumping the samples
with a 30 mW 325 nm He–Cd laser line. The laser radiation was
incident at an angle of 45 to the sample surface normal, then the
photoluminescence from the sample was collected and the spectra
analyzed by an spectrometer (Ocean Optics HR2000). Prior to the
FTIR absorption experiments the sample was polished into a
multipass geometry, in order to enhance the absorption signal.
The ISB absorption was measured using a Nicolet Nexus-870 FTIR
spectrometer with a white light source, CaF2 lenses and beam
splitter, a wire-grid polarizer, and a liquid-nitrogen-cooled HgCdTe
detector. The absorbance for the samples is obtained by taking the
negative natural logarithm of the p-polarized transmittance over
the s-polarized transmittance.

To obtain the anticipated energy values for the FTIR absorption
the symmetric step QW was simulated and the Schrodinger
equation for the electron solved using a one-band conduction
band model with an energy dependent effective mass that
accounts for non-parabolicity, and pseudo-potential parameter to
account for strain.

3. Results and discussion

3.1. Structural properties: TEM

TEM images of sample 2 are shown in Fig. 1. In the low
magnification image on the left we see the full structure described
earlier. The InP substrate is at the bottom, followed by the InGaAs
and ZnCdSe buffer layers. Although the contrast between the
InGaAs and ZnCdSe is low, the interface could be identified
(marked by arrows in the figure). Then there is a darker region
corresponding to the first ZnCdMgSe layer, followed by the multi-
QW structure. The second ZnCdMgSe and cap layer of ZnCdSe are
seen on top. The first two wells of the multi-QW region exhibit
diffuse interfaces, but the remaining 33 wells have sharp well-
defined interfaces. No dislocations are seen in these low magni-
fication images, indicative of coherent structures.

A higher magnification image of the multi-QW region is also
shown in Fig. 1 (right side). Uniform ZnCdMgSe barriers layer
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thicknesses of 9.2 nm, and 3.4 nm for the ZnSe/CdSe layers were
obtained. The contrast between the ZnSe/CdSe layers was not
evident, and the layers could not be resolved individually. CdSe is
known to produce quantum dots (QDs) when grown on ZnSe on
GaAs substrates due to the large lattice mismatch when that
substrate is used. The TEM images confirm that when grown on
InP substrates and with strain compensation, good two-
dimensional QW formation was achieved through the structure.

3.2. Structural Properties: XRD

Fig. 2 shows the 2θ�ω scans for sample 2, which is represen-
tative of all the samples studied. For the measurement shown we
aligned to the InP substrate (004) Bragg reflection. The main graph
is plotted on a log-scale, and the scan was made over a wide range
of 2θ values (55.3–70.3). Many superlattice peaks are present in
the scan, evidence of an excellent layered structure. The inset
shows a linear scale plot over a narrow 2θ range, close to the
substrate peak. Based on the results of the calibration samples we
could identify the ZnCdMgSe (shown), and ZnCdSe (not shown)
004 diffraction peaks.

Because of the highly strained nature of this system and to
clearly identify the 0th order superlattice peak, we scanned the
(004), (115), (113), (224) and (333) Bragg reflections and per-
formed a graphical identification of the 0th order superlattice peak
[25–27] for all the samples, and followed its evolution as the

tCdSe/tZnSe was changed. From this we deduced the perpendi-
cular lattice mismatch from the structures, which varied from
�1.0% to þ1.0%. The data are summarized in Table 1. The lowest
mismatch was �0.23% for sample 3. Further adjustments of the
relative thicknesses of the CdSe and ZnSe layers should result in a
fully strain compensated structure with the desired mismatch
value of less than 0.2% [28].

3.3. Optical properties: room temperature cw-photoluminescence

We investigated the intra-band optical transitions by perform-
ing PL measurements. Fig. 3 shows the room temperature cw-PL
spectra of the samples. Bright PL emission was observed in the
visible range, from red (700 nm, 1.77 eV) to orange (602 nm,

Fig. 2. Plot of the 2θ�ω scan around the InP (004) reflection for the multi-QW
sample 2. The inset is a linear-scale plot near the substrate peak.

Table 1
Information of the multi-QW samples investigated here. The second and third
column gives the deposition times of the CdSe and ZnSe layers. Following are the
Δa/a of the 0th order superlattice peak obtained from XRD. Then the PL and FTIR
absorption measurements, ending with the calculated CdSe thickness obtained by
simulations.

Sample
#

tCdSe
(s)

tCdSe/
tZnSe

Δa/a
(%)

RT PL
(eV)

FTIR
absorption
(μm)

Simulated CdSe
thickness (ML)

1 51 1.34 �1.0 1.77 3.8 9
2 40 2.5 �0.42 1.86 3.04 7
3 32 2.6 �0.23 1.95 2.65 6
4 28 2.8 þ0.90 2.01 2.59 �5.5
5 24 3 þ1.0 2.06 2.56 �5.5

Fig. 3. Room temperature cw-PL of the samples investigated here. On top of each
spectrum is the sample number. The dotted line shows the 2.1 eV bandgap for the
ZnCdSe alloy lattice-matched to InP.

Fig. 1. TEM images of a multi-QW sample 2. In the left a lower magnification image shows the whole sample structure. On the right a higher magnification image around the
quantum wells.
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2.06 eV). The PL emission energy of all the multi-QW samples
studied is below the bandgap of the ZnCdSe lattice-matched to InP
(Eg¼2.1 eV). This is the first indication that the system provides
deeper QWs, and hence a larger CBO, by using strained CdSe layers
as the well material. Single narrow peaks (FWHM 48–67 meV)
were obtained at room temperature for all the samples, and no
deep level emission was present, indicative of high quality
samples.

3.4. Optical properties: room temperature IR absorption and
intersubband simulations

Room temperature FTIR absorption measurements gives us
insight about the optical response due to ISB transitions in the
infrared. The FTIR absorption spectra for the samples are shown in
Fig. 4. Single peaks in the absorption are obtained as expected for
symmetric QW structure due to the selection rules. Peak absorp-
tion was tailored from 3.83 mm (324 meV) in sample 1 to 2.56 mm
(484 meV) in sample 5, well below the values achieved with the
InGaAs/InAlAs system on InP.

Simmulations of the conduction band energy levels in single
symmetric step QWs were done to obtain the wavefunctions and
discreet energy values expected for these structures. The 3.0 eV
ZnCdMgSe barrier thickness of 9 nm is thick enough to prevent
coupling in the QWs. In the simulations we vary the CdSe layer
thickness from 9 ML to 3 ML, with integer ML values. The ZnSe
total thickness was set such that the structure would be strain
balanced, that is, the same number of MLs of ZnSe as MLs of CdSe.
The QW structure was assumed to be symmetric, so that the ZnSe
total thickness is distributed equally on each side of the CdSe
layers (for example: 4.5 ML ZnSe/9 ML CdSe/4.5 ML ZnSe). The
simulation parameters include the effective mass of the electron in
the conduction band of 0.11me, 0.15me, and .23me for CdSe (RT Eg
¼ 1.7 eV), ZnSe (RT Eg ¼ 2.7 eV), and MgSe (RT Eg ¼ 3.6 eV),
respectively, and a conduction band offset of 80% of the total band
offset. From the simulations, shown in Fig. 5, only one electron
bound state was obtained for 3 ML of CdSe, 2 bound states for 4–6
ML, and 3 bound states from 7–9 ML. We calculated e1�e2
transitions energies of 3.85 mm (322 meV) for 9 ML CdSe well,
3.43 mm (361 meV) for 8 ML, 3.04 mm (407 meV) for 7 ML, 2.68 mm
(461 meV) for 6 ML, 2.39 mm (518 meV) for 5 ML, and 2.18 mm
(569 meV) for 4 ML of CdSe. By comparing the simulation values
with the measured absorption we could estimate the actual
thickness of the CdSe layers to be �9 ML for sample 1, 7 ML
for sample 2, 6 ML for sample 3, and around 6–5 ML for samples
4 and 5.

Based on the simulation results we predict that we can reach
wavelengths as low as 2.18 μm with the materials used here by
reducing the CdSe (and corresponding ZnSe) thickness to 4 ML.
Even shorter wavelengths for QW thinner than 4 ML can be
obtained by increasing the barrier height using a higher MgSe
fraction in the quaternary material. The binaries CdSe (as the well
material) and MgSe (as the barrier) provide the maximum band-
gap difference of the ZnCdMgSe alloy system, but if the strain
between them and the InP substrate is not balanced it can lead to
lattice relaxation and defects. An improvement of the structure
quality is clearly evidenced by XRD scans when ZnSe is used for
strain compensation [29] as compared to when no strain com-
pensation is used [30]. The incorporation of binary compounds in
the active region of these structures may have other positive
impacts on the material quality due to the absence of alloy
disorder, which could result in more abrupt interfaces [31].

4. Conclusions

We presented the MBE growth and characterization of strain
balanced CdSe/ZnSe/ZnCdMgSe-based multi-QW structures grown
on InP substrates. TEM, XRD and PL confirm the good structural
and optical quality of the samples. The ISB absorption of these
multi-QW structures was observed at wavelengths as low as
2.56 μm, shorter than those possible with the commonly used
InGaAs-based structures. Simulations based on these results pre-
dict that using a 3.0 eV ZnCdMgSe barrier wavelengths as short as
2.18 μm are possible with these strained compensated materials.
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Fig. 4. FTIR absorption of the multi-QW samples investigated here. On top of each
spectrum is the number of the sample. The peak absorption in wavelengths was
3.83 μm, 2.65 μm, 2.59 μm, and 2.56 μm for samples 1 to 5, respectively.

Fig. 5. Simulations results for the moduli square of the wavefunctions of the CdSe/
ZnSe/ZnCdMgSe step QW. Below each well is the corresponding CdSe thickness in
monolayers (ML), followed by the energy and wavelength of the predicted
intersubband transition.
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a b s t r a c t

Short-period ZnSySe1�y/CdSe superlattices (SLs) with an effective energy gap Eg¼2.5–2.6 eV (T¼300 K)
are grown by molecular beam epitaxy pseudomorphically on GaAs (001), and their structural properties
are studied by using X-ray diffraction (XRD) and transmission electron microscopy. Both sulfur content
and thickness of the ZnSySe1�y SL barriers have been determined via analysis of the XRD curves, taking
account of the thickness of the CdSe SL layers estimated independently from the low-temperature
(T¼77 K) PL spectra of the single CdSe quantum dot (QD) layer (nominal thickness of 2.8 monolayer)
embedded into each SL. The evaluated SL parameters are shown to be in good agreement with the
intended ones. The efficient non-equilibrium carrier transport in the SLs along the growth direction at
300 K is demonstrated by photoluminescence (PL) spectroscopy through the relative temperature
variation of the intensities of the PL peaks originated from the buried CdSe/ZnSe QD layers and the
ZnSSe/CdSe SLs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

An increase in the efficiency of multi-junction solar cells (SCs) is of
great importance due to the rapid growth in the worldwide demand
for renewable energy. Today, the highest values of conversion
efficiency (�44%) have been reported for the concentrator triple-
junction compound SCs based on metamorphic InGaP/GaAs/InGaAs
[1] and pseudomorphic GaInP/GaAs/GaInNAs [2] structures. Never-
theless, it is expected that adjunction of a II–VI pseudomorphic
cascade to the existing three-cascade III–V SCs can further increase
the SCs efficiency due to optimization of photoelectric conversion of
the short-wavelength part of the solar radiation spectrum [3]. Short-
period alternately-strained ZnSySe1�y/CdSe superlattices (SLs) lattice
matched to GaAs (or Ge) look as a suitable material for such wide-gap
cascade. The SLs could be realized in a relatively wide energy gap
range (2.5–2.6 eV), while maintaining the high crystallinity and
efficient vertical transport of photo-excited carriers. Moreover, the
using of SLs instead of bulk alloys results in narrower effective band
gap of the structures in comparisonwith the bulk alloy with the same
composition [4]. And finally, the proposed ZnSySe1�y/CdSe SLs could
be matched not only to GaAs(Ge) substrates, but also to the lattice

parameter of metamorphic InxGa1�xAs (x�0.2–0.3) structures,
demonstrating even lower (down to �2.1 eV) energy gap value.

This paper reports on MBE growth of pseudomorphic short-
period ZnSySe1�y/CdSe SLs with the effective band-gap energy
Eef fg ¼�2.5–2.6 eV (300 K) and studies of their structural proper-
ties by using X-ray diffraction (XRD) and transmission electron
microscopy (TEM) techniques as well as the photo-excited carrier
transport in the SLs along the growth direction by using photo-
luminescence (PL) spectroscopy.

2. Experiment and ZnSSe/CdSe superlattices design

The ZnSySe1�y/CdSe SL structures were grown by molecular
beam epitaxy (MBE) at growth temperature TS �250 1C on GaAs
(001) substrates via GaAs buffer layers by using a double-chamber
setup (SemiTEq, Russia). Conventional Zn, Cd, ZnS cells, and Se valve
cracking cell were employed as molecular beam sources. The low TS
value is governed by the strong temperature dependence of the sulfur
sticking coefficient and requirements of the high (y¼0.3–0.4) sulfur
content in the ZnSySe1�y layers of the SLs, obtained under stoichio-
metric growth conditions (VI/II �1) [5]. The structures under the
study comprise sequentially from the substrate: fifty SL periods
followed by a single CdSe/ZnSe quantum dot (QD) layer with a
nominal thickness of 2.8–3.0 monolayers (MLs), and then ninety
additional SL periods on top (see Fig. 1). The nominal thicknesses of
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CdSe (wðSLÞ
CdSe) and ZnSySe1�y (tðSLÞZnSSe) SL layers were varied within the

1.3–1.6 and 4–6ML ranges, respectively. Both the thicknesses and S
content in the SL layers were chosen to implement the strain balance
between the tensile-strained ZnSSe and compressively strained CdSe
layers. Taking into account the difference in elastic properties of the
constituent SL layers [6], the lattice-matching conditions of the
average SL lattice parameter to GaAs substrate can be expressed as

aSL ¼
aZnSSet

ðSLÞ
ZnSSeGZnSSeþaCdSew

ðSLÞ
CdSeGCdSe

tðSLÞZnSSeGZnSSeþwðSLÞ
CdSeGCdSe

¼ aS ¼ aGaAs; ð1Þ

where aZnSSe, aCdSe are the lattice constants of the respective bulk
(unstrained) layers, and GZnSSe GCdSe are the shear modulus. The choice
of the SL design is strongly affected by the necessity to provide the
efficient vertical transport of photo-excited carriers into the SL. To do
this, the heavy-hole miniband in the SL should be as wide as at least
�30meV. The calculated dependencies of the ZnSySe1�y/CdSe SL
effective band-gap energy on the width of heavy-hole miniband at
T¼300 K are presented in Fig. 2.

The calculations carried out in the envelope function approx-
imation (the details have been reported elsewhere [7]) predict,
in particular, that the 4 ML-ZnS0.4Se0.6/1.3 ML-CdSe SL with Eef fg
�2.55 eV, lattice-matched to GaAs, satisfies the above mentioned
requirements (structure 1-371).

Both intended and measured parameters of the structures are
summarized in Table 1. The S content in the SL barrier layers of the
structure B has been intentionally lowered down to y �0.3 in an
attempt to reduce the SL effective bandgap. Despite the relatively
high mismatch of the average SL lattice parameter with that of a
GaAs substrate, one can expect the absence of stress relaxation in
this structure due to its relatively small thickness (�300 nm) and a
higher value of critical thickness of alternately-strained SL in com-
parison with that of bulk layer having the same lattice-mismatch [8].

The single CdSe/ZnSe QD layers has been introduced into the
structures to study the vertical carrier transport in SLs as well as for
the express estimation of the extended defects density in as-grown
structures using a PL microscopy technique [9]. To minimize the
density of stacking faults (SFs) at the III–V/II–VI heterointerface the
low-temperature (�210 1C) migration enhanced epitaxy (MEE)

growth mode has been applied at the initial growth stage of a ZnSe
buffer layer. This procedure allows reducing the SFs density below
105 cm�2 [9,10]. The growth rates of Zn(S,Se) were controlled in-
situ by recording RHEED specular spot intensity oscillations after
the II–VI growth initiation immediately before the SLs growth. In
this case the S content (y) in SL barriers (yosc column in Table 1)
could be estimated via the difference between the growth rates of
ZnSSe, grown under the stoichiometric conditions (VI/II �1) using
ZnS and Se fluxes only (SeþS fluxes), and ZnSe, grown under the
Zn-rich conditions using the same Se flux (Se flux).

The temperature dependent PL spectra were measured using
the emission of a tungsten lamp, dispersed by a monochromator,
and recorded by a PIXES 265E cooled CCD-camera. The PL micro-
scopy images were taken using a LUMAM PM-11 microscope. XRD
curves (in Θ–2Θ scan mode) were measured using a D8 Discover
(Bruker-AXS, Germany) diffractometer in a parallel X-ray beam
geometry. A Philips EM-420 microscope was employed for the
TEM cross-section measurements.

3. Structural properties of ZnSSe/CdSe superlattices

The CdSe/ZnSe QD layer placed in the center of the SL structures
allows accurate ex-situ estimation of thickness of the CdSe wells in
SLs, both being grown under the same conditions. For that aim, the
CdSe QD layer nominal thickness is determined from its low-
temperature PL peak position in accordance with the empirical
dependence (see, e.g. [11]) obtained earlier by analyzing PL spectra
of a series of CdSe/ZnSe nanostructures with different wðQDÞ

CdSe, as well
as their TEM and XRD [12] data, in comparison with numerous
results published by other groups. Then the nominal thickness of
CdSe wells in the SL is derived by using the growth time extrapola-
tion. In particular, for structure A (1-371) exhibiting the CdSe/ZnSe
QD PL peak position at �2.39 eV (77 K), the nominal thicknesswðQDÞ

CdSe
is �2.8 ML (tgr¼20.5 s), which results in wðSLÞ

CdSe �1.3 ML (tgr¼9.5 s).
As soon as the CdSe layer thickness in SLs is known, both the S
content (y) and the thickness of the ZnSySe1�y SL barriers can be
determined from the analysis of the Θ–2Θ XRD curves of the SL
structures (Fig. 3) by using in calculations the SL period and position
of a “0”-order SL peak. The values estimated in assumption of the
completely pseudomorphic SL structure are in reasonable agree-
ment with the intended ones (see Table 1).

GaAs buffer

ZnSe buffer  10nm

ZnSe 3nm 

ZnSSe 
CdSe 

ZnSSe 
CdSe 

ZnSSe 

CdSe QDs (2.8-3 MLs)     
ZnSe 3nm 
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ZnSSe 
CdSe 
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ZnSSe 
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ZnSe 10-20nm 
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(ZnSSe/CdSe)  SL
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Fig. 1. Schematic diagram of the structures with short-period ZnSySe1�y/CdSe SLs
(y¼0.3–0.4).
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Fig. 2. Dependences of the effective band-gap energy on the width of the heavy-
hole mini-band in the ZnSySe1�y/CdSe SLs. The solid, dashed and short-dashed
curves are calculated respectively for the fixed S content (y) in ZnSySe1�y SL layers,
ZnSSe (tðSLÞZnSSe) and CdSe (wðSLÞ

CdSe) SL layer thicknesses, with the other parameters
varied to satisfy the expression (1). The lattice-matched to GaAs SLs chosen for
experimental realization are shown as filled circles.
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Despite the relatively high value of lattice-mismatch with GaAs
followed from the position of the “0”-order SL peak (e.g. �1600 ″ for
structure B), TEM measurements reveal negligibly small density of
misfit dislocations (below 106 cm�2) in all the SL structures, thus
confirming their pseudomorphic growth. Fig. 4 shows the cross-
section TEM image of structure A. Both the individual layers of the SL
and the CdSe/ZnSe QD layer are clearly distinguished, TSL calculated
from the image being of �16.5 Å. This value, as well as the total
thickness of the structure (�260 nm), are in good agreement with
the intended parameters. The PL microscopy image of structure A
(see inset in Fig. 3) demonstrates an absence of any features
associated with dislocations (dark lines), and the stacking fault
density (black dots) can be estimated as below 104 cm�2.

4. Vertical carrier transport in superlattices

PL spectra of the structures, measured at 77 and 300 K, are
presented in Fig. 5. All three structures demonstrate bright PL, the
PL spectra containing two well separated peaks associated with the
emission from either SL or QDs. The PL intensities of these two peaks
are comparable at cryogenic temperatures, whereas the QD peak
strongly dominates at 300 K. Such behavior can be attributed to the
temperature induced activation of the carrier vertical transport
through the SL [13,14]. More detailed data on the efficiency of vertical
carrier transport in SLs are obtained through the measurements of

temperature dependences (Fig. 6) of the integral intensity of the PL
bands originated from the SL (circles) and the buried CdSe/ZnSe QDs
(triangles).

Table 1
Parameters of the SL structures under the study.

Sample no. SL design TSL (Å) TSL (Å) wðSLÞ
CdSe (ML) tðSLÞZnSSe (ML) yosc yXRD (Δa/a) (%)

Intended parameters Parameters measured by XRD and PL

1–371 (A) 4 ML-ZnS0.4Se0.6/1.3 ML-CdSe 15.3 16.0 1.3 4.3 0.35 0.34 0.16

1–397 (B) 5 ML-ZnS0.3Se0.7/1.5 ML-CdSe 18.7 20.0 1.63 5.3 – 0.27 0.46

1–419 (C) 5 ML-ZnS0.38Se0.62/1.5 ML-CdSe 18.7 20.0 1.45 5.5 – 0.43 �0.3
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Fig. 4. Cross-section TEM image of structure A.

0

1

2

3

4

5

B

C

CdSe/ZnSe QDs

SL
A

CdSe/ZnSe QDs

300 K

PL
 In

te
ns

ity
, a

rb
. u

ni
ts

C

B

A

2.1 2.2 2.3 2.4 2.5 2.6 2.7 2.8

0

1

2

3

4

5

6

SL

x100

77 K

Energy, eV

Fig. 5. PL spectra of the SL structures measured at 77 K (a) and 300 K (b).

S.V. Sorokin et al. / Journal of Crystal Growth 425 (2015) 212–215214



The QD PL spectra were measured for the excitation energies
either above the SL absorption edge (Eexc4Eef f ðSLÞg ) or between the
SL absorption edge and the QD peak position (EQDoEexcoEef f ðSLÞg ).
The excitation wavelengths are indicated in Fig. 6. Only minor
variations in the integral intensity of the PL line associated with SL
(for the structures A and B) are observed at temperatures below
20 K that corresponds to the emission of localized excitons in the SL.
At T420 K the intensity of the SL PL drastically decreases with an
increase in temperature and reduces by more than two orders of
magnitude at T �100 K. In contrast to that, the temperature depen-
dence of the PL from QDs is a non-monotonic function at Eexc4Eef f ðSLÞg
with a maximum at about 80 K (for structure A), demonstrating the
increase of the vertical carrier transport efficiency in the SL with
temperature. However, this tendency is much less pronounced for the
structure B that could be explained by worse conditions of carrier
vertical transport due to the lower width of a heavy-hole miniband
(see Fig. 2). The decrease of the QD PL integral intensity at tempera-
tures above 150 K can be ascribed to the temperature induced escape
of the carriers localized within the QDs.

5. Conclusions

Summarizing, the ZnSySe1�y/CdSe SLs pseudomorphic to GaAs
(001) with the effective bandgap energy within the range
Eg�2.5–2.6 eV have been grown by MBE. Main geometric para-
meters of the SL structures were evaluated via joint analysis of the
low-temperature PL and XRD data. The SLs have demonstrated the

parameters close to the intended ones, as well as the low density of
extended defects at a thickness (�300 nm) significantly exceeding
the critical one reported previously for bulk II–VI layers possessing
the same lattice mismatch. PL studies of the vertical carrier
transport in the SL structures with an incorporated CdSe/ZnSe QD
layer confirm the Bloch-type transport of carriers at the tempera-
tures above 100 K. The defect-free ZnSySe1�y/CdSe SLs pseudo-
morphic to GaAs (001) may be considered as a suitable material for
a wide band-gap cascade of a multi-junction SC comprising both
III–V and II–VI materials.
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a b s t r a c t

In this study, Ga-doped ZnO (GZO) thin films were deposited on GaN templates by using plasma-assisted
molecular beam epitaxy. To obtain low resistivity GZO films, in-situ post-annealing under Zn over-
pressure was carried out to avoid the generation of acceptor-liked Zn vacancies. The resultant films
showed optical transparency over 95% in the visible spectral range. By reducing the acceptor-like defects,
GZO films with compensation ratio near 0.4 and resistivity simultaneously lower than 1�10�4Ω cm
have been successfully demonstrated.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Al-doped ZnO (dubbed AZO) and Ga-doped ZnO (dubbed GZO)
have been recently studied extensively as materials with potential
to replace indium tin oxide and fluorine-doped tin oxide for
transparent electrodes applied in light-emitting diodes, flat-
panel displays, and transparent thin film transistors because of
their low resistivity, high transparency, non-toxic, easy to deposit
as well as their low cost [1]. Among these dopants, Ga might be
the most promising one based on its similar atomic radius to Zn
atom, lower reactivity to oxygen as well as uniform doping in ZnO
films [2]. GZO films have been prepared by sputtering [3,4], pulsed
laser deposition (PLD) [5] and molecular beam epitaxy (MBE) [6].
But the resistivity achieved so far falls only at about
2�10�4Ω cm. In order to achieve lower resistivity GZO films,
post-thermal annealing in different environment has also been
proposed to improve crystal quality, including eliminating native
defects [3,7]. However, several reports have shown that the
annealed GZO exhibit degraded electrical properties especially
the electron concentration [8,9]. It is attributed to the desorption
of Zn and migration of Ga in the films [9]. The generation of
resultant acceptor-like defects during growth and post-treatments
can also be reflected on the compensation ratios (NA/ND). The
compensation ratios extracted from reported data are limited to
the range of 0.4–0.5, which is still unsatisfactory for practical
applications.

In this study, GZO films are grown by plasma-assisted molecular
beam epitaxy (PA-MBE). An in-situ post-annealing process under Zn

overpressure is used to improve the electrical properties and suppress
the generation of acceptor-like defects. GZO films with different
growth temperatures are also investigated with respect to the
electrical, structural and optical properties.

2. Experiments

GZO films were grown on high resistivity MOCVD-grown GaN
templates by plasma-assisted molecular beam epitaxy. Solid sources,
including 7 N Zn and 8 N Ga, were evaporated by Knudsen cells.
Oxygen radical was generated by introducing 6 N oxygen through a
13.6 MHz radio frequency (RF) plasma cell. Before the growth, GaN
templates were cleaned by heating at 700 1C for 20 min in the growth
chamber. A nearly 5 nm-thick undoped ZnO buffer layer was firstly
grown on the GaN templates, and Ga doping was incepted after the
buffer layer. The thickness of the GZO films is about 250 nm. The
growth temperature in this study was controlled in the range from
200 1C to 400 1C. A Zn-rich environment was employed during the
growth in order to suppress the formation of Zn vacancy-complexes,
which are acceptor-like defects [6]. The Zn-rich condition was deter-
mined by checking the growth rate with Zn flux under a fixed oxygen
flux. Under Zn-rich condition, the growth rate will not increase with
Zn flux. In this study, the Zn/O ratio was determined at 350 1C and was
not changed with changing substrate temperature. For the growth
carried out below 350 1C, Zn-rich condition was automatically ensured
because less Zn would be desorbed from the sample surface. The Zn/O
ratio used in the work was set large enough to maintain Zn-rich
condition for the growth at 400 1C. It could be verified by the fact that
the resistivity of the GZO films did not increase significantly as the
films grown under O-rich environment. In-situ thermal annealing
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under Zn flux in the growth chamber for 5 min was performed after
the film growth. Hall measurement was carried out using Van der
Pauw method to obtain electron concentration, mobility and resis-
tivity of the films. Temperature-dependent Hall measurements were
carried out at the temperature ranging from 15 to 310 K in a closed-
cycle cryostat. Surface morphology was checked by HITACHI S-4300
scanning electron microscopy (SEM). The crystal quality of the GZO
films was evaluated by x-ray diffraction (XRD). Optical transmission
spectra from ultraviolet to near infrared were obtained by using a
HITACHI-U4100 spectrophotometer.

3. Characterization of GZO films

3.1. Influence of thermal annealing under Zn overpressure

All the GZO samples were annealed at various temperatures
to achieve their lowest resistivity. It was found that the anneal-
ing temperature for achieving the lowest resistivity of each GZO
film was about 50 1C higher than its growth temperature. Fig. 1
shows the carrier concentration, Hall mobility, and resistivity of
the GZO films that were grown at 350 1C and subject to in-situ
thermal annealing under Zn overpressure and ex-situ thermal

annealing in nitrogen ambient at various temperatures. The
lowest resistivity of 1.8�10�4 Ω cm is obtained at an annealing
temperature of 400 1C due to the increase in electron mobility.
As the annealing temperature is increased to 700 1C, the resis-
tivity increases from 1.8�10�4 to 4.5�10�4 Ω cm. This
increase is well correlated with the reduction of electron
concentration in the GZO films. In addition, the change in
resistivity with temperature is smaller than that of the GZO
films annealed in nitrogen ambient, as displayed in Fig. 1(b). The
significant decrease in electron concentration upon annealing in
nitrogen ambient supports the finding that Zn desorption and
Ga migration occur during the annealing process. The deso-
rption of Zn atoms might have increased the number of
acceptor-like vacancies in the films and reduced the number of
free carriers for conduction. This degradation of electrical
properties by thermal desorption could also be correlated with
the surface morphology of the films, as shown by the SEM
images in Fig. 2. No morphological change is observed in the
GZO films subject to annealing at temperatures below 500 1C.
Increased surface roughness upon annealing at 600 1C suggests
the onset of thermal desorption from the surface, consistent
with the degradation of electrical properties revealed by the
Hall results.

3.2. Effects of growth temperature

Fig. 3 shows the x-ray diffraction peaks of the annealed GZO
films, which have the lowest resistivity for each growth tempera-
ture. The peak at 34.561 represents the diffraction peak of the GaN
template. Diffraction peaks that correspond to the (004) reflection
dominate the spectra, indicating that the c-axis of the GZO film is
perpendicular to the substrate plane. The 2θ diffraction peak at
34.441, close to that of the undoped ZnO, appears to be slightly
influenced by the size mismatch between Zn and Ga atoms [10].
Apparently, the growth temperature significantly affects the crys-
tal quality of GZO films, as depicted in Fig. 3. On the GZO films
grown at 200 1C, the diffraction peak of GZO is not observed and
the ring shape RHEED pattern (not shown) during the growth
indicates that the film is polycrystalline. Even though post-thermal
annealing is performed on these films, they remain to be poly-
crystalline, in good agreement with the low mobility of these
films. At higher substrate temperatures, the intensity of the (002)
peaks increases and the full width at half maximum values
decreases as the growth temperature is increased, indicating that
high growth temperature improve their crystallinity. It can be
concluded that to achieve high mobility, the growth temperature
of MBE-grown GZO films should exceed 300 1C.

The electrical properties of GZO films grown at various growth
temperatures with optimal annealing temperature to reach the lowest
resistivity are summarized in Table 1. The electron concentration
varies from the order of 1022 cm�3 to the order of 1020 cm�3 and the
mobility increases from 2 to 52 cm2/V s as the growth temperature is
increased from 200 to 400 1C. The resistivity of GZO films easily
reaches 2�10�4Ω cm upon annealing under Zn overpressure. The
resistivity as low as 9.2�10�5Ω cm is obtained on the GZO films
grown at 300 1C with electron concentration of 2.2�1021 cm�3 and
mobility of 26 cm2/V s. Temperature-dependent resistivity of the GZO
films with room temperature electron concentrations of 5.6�1020 and
2.2�1021 cm�3 are measured in the temperature range of 15–310 K,
as displayed in Fig. 4. Both samples exhibit the same temperature-
dependent behavior in spite of their difference in electron concentra-
tion. For the film with electron concentration of the order of
1020 cm�3, the presence of a large number of carriers shifts the Fermi
level toward or even into the conduction band, and become degen-
erate semiconductors. Therefore, the activation energy required for

Fig. 1. Electrical properties of the GZO films that were grown at 350 1C and subject
to (a) in-situ thermal annealing under Zn overpressure and (b) ex-situ thermal
annealing in nitrogen ambient at various temperatures.
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electrons jumping from the valence band to the conduction band
continuously decreases and even vanishes. However, the resistivity of
the GZO films is constant as the temperature is below 90 K. Increasing
the measurement temperature to 90 K and above increases the

resistivity and causes metallic transport behavior. The negative tem-
perature coefficient of resistivity (TCR) at low temperatures, which
reflects the transport behavior, arises from the thermally activated
motion of carriers. This transport behavior could be attributed to the
weak localization effect of electrons in disordered electron systems. As
a consequence, the transition temperature of the GZO film with an
electron concentration of 2.2�1021 cm�3 shifts to 120 K. The shift of
metal-semiconductor transition temperature is found to be related to
the doping concentration of GZO and is attributed to the increase in
disordering of the crystal [11,12].

Fig. 5 presents the optical transmission spectra of the GZO films
with various carrier concentrations. Oscillations at wavelengths
longer than 450 nm are caused by interference of light that is
reflected from the GZO surface and the ZnO/GaN interface. The
transmittance being higher than 100% is a measurement artifact
caused by the Fabry–Pérot interference. The optical transmittance
measurements between 300 and 1000 nm show that the films
with a concentration of the order of 1020–1�1021 cm�3 are highly

Fig. 2. SEM images of the GZO film grown at 350 1C and annealed under Zn flux at various temperatures: (a) as-deposited, (b) 400 1C, (c) 500 1C, and (d) 600 1C.

Fig. 3. X-ray diffraction spectra of the annealed GZO films, which have the lowest
resistivity for each growth temperature.

Table 1
Electrical properties of the annealed GZO films, which have the lowest resistivity
for each growth temperature.

Growth
temperature
(1C)

Electron
concentration
(cm�3)

Electron
mobility
(cm2 V�1 s�1)

Resistivity
(Ω cm)

Compensation
ratio

200 1.7�1022 2 1.8�10�4 0.93
250 3.1�1021 15 1.6�10�4 0.64
300 2.2�1021 26 9.2�10�5 0.47
350 9.0�1020 36 1.6�10�4 0.39
400 5.6�1020 52 2.4�10�4 0.30

C.-Y. Chen et al. / Journal of Crystal Growth 425 (2015) 216–220218



transparent in the visible range. The GZO films with transmittance
near 90% in the visible range compare favorably to the conven-
tional ITO with transmittance of about 85%. However, the spectra
reveal serious degradation in transmittance as the carrier concen-
tration increases above 2.2�1021 cm�3. The GZO films become
opaque eventually at concentrations over 1022 cm�3. Calculation
based on Drude's theory also suggests high reflectivity at concen-
trations of over 1022 cm�3 [13].

3.3. Compensation ratio

Acceptor-like defects greatly influence electron concentration
and mobility. The influence can be quantified by the compensat-
ion ratio, i.e. the ratio of acceptor concentration and donor
concentration (NA/ND), which is a key parameter in determining
the performance of conductive films.

Based on the Coulomb interaction between electrons and the
impurities, theoretical electron mobility of the degenerate form
can be estimated by the Brooks–Herring formula shown below
[14]

μii ¼
24π3ε20ℏ

3

Z2e3mn2

n
Nii

1
ln ½1þyðnÞ��ðyðnÞ=1þyðnÞÞ

¼ 146:9

lnð1þ6:46n1=3
20 Þ�ð6:46n1=3

20 =1þ6:46n1=3
20 Þ

1�K
1þK

¼ μmax
1�K
1þK

cm2=V s ð1Þ

where, the dielectric constant ε0 and effective mass mn are set to
8.12 and 0.3, respectively, and Z is the ionization charge in units of
e, which is assumed to be unity for both donors and acceptors [14].
The concentration of the ionized centers Nii is given by Nii¼NDþ
NA¼2NAþn, and the compensation ratio K is NA/ND. If the
concentration is 5.6�1020 cm�3, then an ideal μmax¼97 cm2/V s
can be derived from Eq. (1), yielding a compensation ratio equal to
zero. Using a mobility of 52 cm2/V s measured in this work, a
compensation ratio of 0.30 is obtained. This compensation ratio is
lower than those reported elsewhere, and is believed to be due to
the suppression of acceptor-like defects by in-situ annealing under
Zn overpressure.

Fig. 6 summarizes the variation of electron concentration with
mobility of polycrystalline and epitaxial GZO films [3,4,6,15–22].
The experimental data of this work are marked in solid circles.
Dash lines refer to the compensation ratios of zero and 0.4,
calculated using Eq. (1), and the solid line corresponds to a
resistivity of 2�10�4Ω cm for various combinations of electron
concentration and mobility. This figure reveals that most of the
reported works have a high compensation ratio over 0.4 and even
worse for the cases with electron concentration over 1021 cm�3.

4. Conclusions

Ga-doped ZnO films have been grown on GaN templates by
plasma-assisted molecular beam epitaxy and characterized in terms
of structural, electrical, and optical properties. In-situ post-growth
annealing under Zn overpressure can effectively reduce the resistivity

Fig. 4. Temperature-dependent Hall measurements on GZO films with two
different electron concentrations.

Fig. 5. Optical transmittance of the GZO films with various carrier concentrations.
Oscillations at wavelengths 4450 nm are due to interference of light reflected
from GZO surface and ZnO/GaN interface. (Note that transmittance higher than
100% is a measurement artifact due to the Fabry–Pérot interference.)

Fig. 6. Figure of merit of GZO films grown by different methods. Resistivity of
2�10�4 Ω cm for various electron concentration and mobility is depicted in
solid line.
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of the GZO films by minimizing the concentration of acceptor-like Zn
vacancy caused by thermal desorption of Zn atoms. A minimal
resistivity of 9.2�10�5Ω cm is achieved on the GZO films grown at
300 1C. The metal–semiconductor transition temperature is dependent
on the dopant concentration in the GZO films and related to the
increased disorder induced by Ga atoms. Optical transmittance over
95% in the visible range is obtained on the films with electron
concentration on the order near 1021 cm�3. By minimizing the
acceptor-like defects, we have successfully demonstrated GZO films
with compensation ratio near 0.4 and resistivity below 1�10�4Ω cm,
simultaneously.
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H. Morkoç, P.M. Voyles, Impurity distribution and microstructure of Ga-
doped ZnO films grown by molecular beam epitaxy, J. Appl. Phys. 112 (2012)
123527.

[3] P.K. Song, M. Watanabe, M. Kon, A. Mitsui, Y. Shigesato, Electrical and optical
properties of gallium-doped zinc oxide films deposited by dc magnetron
sputtering, Thin Solid Films 411 (2002) 82–86.

[4] V. Assunção, E. Fortunato, A. Marques, H. Águas, I. Ferreira, M.E.V. Costa,
R. Martins, Influence of the deposition pressure on the properties of trans-
parent and conductive ZnO:Ga thin-film produced by r.f. sputtering at room
temperature, Thin Solid Films 427 (2003) 401–405.

[5] Z.F. Liu, F.K. Shan, Y.X. Li, B.C. Shin, Y.S. Yu, Epitaxial growth and properties of
Ga-doped ZnO films grown by pulsed laser deposition, J. Cryst. Growth 259
(2003) 130–136.

[6] H.Y. Liu, V. Avrutin, N. Izyumskaya, M.A. Reshchikov, Ü. Özgür, H. Morkoç,
Highly conductive and optically transparent GZO films grown under metal-
rich conditions by plasma assisted MBE, Phys. Status Solidi-Rapid Res. Lett. 4
(2010) 70–72.

[7] B. Du Ahn, S.H. Oh, C.H. Lee, G.H. Kim, H.J. Kim, S.Y. Lee, Influence of thermal
annealing ambient on Ga-doped ZnO thin films, J. Cryst. Growth 309 (2007)
128–133.

[8] H. Makino, N. Yamamoto, A. Miyake, T. Yamada, Y. Hirashima, H. Iwaoka,
T. Itoh, H. Hokari, H. Aoki, T. Yamamoto, Influence of thermal annealing on
electrical and optical properties of Ga-doped ZnO thin films, Thin Solid Films
518 (2009) 1386–1389.

[9] T. Yamada, A. Miyake, H. Makino, N. Yamamoto, T. Yamamoto, Effect of thermal
annealing on electrical properties of transparent conductive Ga-doped ZnO
films prepared by ion-plating using direct-current arc discharge, Thin Solid
Films 517 (2009) 3134–3137.

[10] C. Kittel, Introduction to Solid State Physics, sixth ed., Wiley, New York, 1986.
[11] Y. Li, Q. Huang, X. Bi, The change of electrical transport characterizations in Ga

doped ZnO films with various thicknesses, J. Appl. Phys. 113 (2013) 053702.
[12] V. Bhosle, A. Tiwari, J. Narayan, Electrical properties of transparent and

conducting Ga doped ZnO, J. App. Phys. 100 (2006) 033713.
[13] J.R. Bellingham, W.A. Phillips, C.J. Adkins, Intrinsic performance limits in

transparent conducting oxides, J. Mater. Sci. Lett. 11 (1992) 263–265.
[14] D.C. Look, K.D. Leedy, D.H. Tomich, B. Bayraktaroglu, Mobility analysis of

highly conducting thin films: application to ZnO, Appl. Phys. Lett. 96 (2010)
062102.

[15] H.J. Ko, Y.F. Chen, S.K. Hong, H. Wenisch, T. Yao, D.C. Look, Ga-doped ZnO films
grown on GaN templates by plasma-assisted molecular-beam epitaxy, Appl.
Phys. Lett. 77 (2000) 3761.

[16] E. Fortunato, V. Assunção, A. Gonçalves, A. Marques, H. Águas, L. Pereira,
I. Ferreira, P. Vilarinho, R. Martins, High quality conductive gallium-doped zinc
oxide films deposited at room temperature, Thin Solid Films 451 (2004)
443–447.

[17] G.A. Hirata, J. McKittrick, T. Cheeks, J.M. Siqueiros, J.A. Diaz, O. Contreras,
O.A. Lopez, Synthesis and optelectronic characterization of gallium doped zinc
oxide transparent electrodes, Thin Solid Films 288 (1996) 29–31.

[18] X. Yu, J. Ma, F. Ji, Y. Wang, X. Zhang, C. Cheng, H. Ma, Preparation and
properties of ZnO:Ga films prepared by r.f. magnetron sputtering at low
temperature, Appl. Surf. Sci. 239 (2005) 222–226.

[19] Q.-B. Ma, Z.-Z. Ye, H.-P. He, S.-H. Hu, J.-R. Wang, L.-P. Zhu, Y.-Z. Zhang,
B.-H. Zhao, Structural, electrical, and optical properties of transparent con-
ductive ZnO:Ga films prepared by DC reactive magnetron sputtering, J. Cryst.
Growth 304 (2007) 64–68.

[20] M. Miyazaki, K. Sato, A. Mitsui, H. Nishimura, Properties of Ga-doped ZnO
films, J. Non-Cryst. Solids 218 (1997) 323–328.

[21] G.K. Paul, S.K. Sen, Sol–gel preparation, characterization and studies on
electrical and thermoelectrical properties of gallium doped zinc oxide films,
Mater. Lett. 57 (2002) 742–746.

[22] T. Yamamoto, T. Sakemi, K. Awai, S. Shirakata, Dependence of carrier
concentrations on oxygen pressure for Ga-doped ZnO prepared by ion plating
method, Thin Solid Films 451 (2004) 439–442.

C.-Y. Chen et al. / Journal of Crystal Growth 425 (2015) 216–220220

http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref1
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref1
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref2
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref2
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref2
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref2
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref3
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref3
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref3
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref4
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref4
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref4
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref4
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref5
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref5
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref5
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref6
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref6
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref6
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref6
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref7
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref7
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref7
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref8
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref8
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref8
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref8
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref9
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref9
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref9
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref9
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref10
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref11
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref11
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref12
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref12
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref13
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref13
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref14
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref14
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref14
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref15
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref15
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref15
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref16
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref16
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref16
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref16
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref17
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref17
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref17
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref18
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref18
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref18
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref19
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref19
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref19
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref19
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref20
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref20
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref21
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref21
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref21
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref22
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref22
http://refhub.elsevier.com/S0022-0248(15)00124-4/sbref22


Intersubband absorption in ZnO/ZnMgO quantum wells grown
by plasma-assisted molecular beam epitaxy on c-plane
sapphire substrates

Kuaile Zhao a, Guopeng Chen a, Juliana Hernandez b, Maria C. Tamargo c, Aidong Shen a,n

a Department of Electrical Engineering, The City College of New York, NY 10031, USA
b Department of Electrical Engineering, University of California Santa Cruz, Santa Cruz, CA 95064, USA
c Department of Chemistry, The City College of New York, NY 10031, USA

a r t i c l e i n f o

Available online 11 February 2015

Keywords:
A3. Molecular beam epitaxy
A3. Quantum well
B1. Oxides
B2. Semiconducting II–VI materials
B3. Heterojunction semiconductor devices

a b s t r a c t

The authors report the growth of ZnO/ZnMgO multiple quantum well (MQW) structures by plasma-
assisted molecular beam epitaxy. A set of three MQW samples with different well thicknesses were
grown on c-plane sapphire substrates. Structural and optical properties of the samples were character-
ized by reflection high-energy electron diffraction, high-resolution x-ray diffraction (XRD) and photo-
luminescence measurements. Clear superlattice satellite peaks and thickness fringes observed in XRD
measurements indicate the formation of periodic structure with good interfacial quality and high
crystalline quality. Mid infrared absorptions around 3 μm are observed from Fourier transform infrared
spectroscopy measurement. The polarization-dependent absorption proves that the absorptions are
originated from intersubband transitions.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Although the challenges associated with p-type doping in ZnO
have hindered the realization of efficient interband optical emit-
ters, ZnO and related structures may find applications in intersub-
band (ISB) devices [1,2]. ISB devices are unipolar devices, in which
electron (or hole) transitions happen between energy subbands
within the conduction (or valence) band and only one kind of
conduction carriers are needed. Since the observation of ISB
transitions in semiconductor quantum wells (QWs) [3], various
ISB devices such as quantum cascade lasers [4–6], quantum-well
infrared photodetectors [7–11], and all-optical switches [12,13]
have been fabricated. The mature technology for achieving high
n-type doping in ZnO makes it possible to employ ZnO-based
heterostructures in ISB devices. The large band offset in ZnO-based
heterostructures suggests a large conduction band offset (CBO),
which makes the material system a very promising candidate for
ISB devices working in the short wavelength infrared (IR) region.
ZnO-based materials may find more applications in high speed
devices due to their higher ionicity and thereby shorter carrier
lifetime compared to their III–V counterparts.

Here we report the growth of ZnO/ZnMgO multiple QWs
(MQWs) on c-plane sapphire substrates by plasma-assisted mole-
cular beam epitaxy (MBE). The structural and optical properties
were characterized by x-ray diffraction (XRD) and photolumines-
cence (PL) measurements. ISB absorptions were measured by
Fourier-transform IR (FTIR) spectroscopy. At room temperature
(RT), ISB absorptions at around 3 μm were observed in ZnO/
ZnMgO MQWs.

2. Experiments

Three ZnO/ZnMgO MQW samples (samples A, B, and C) and a
Ga-doped ZnO reference sample (sample D) are reported here. All
these samples were grown on 2-in. c-plane sapphire substrates by
plasma-assisted MBE in a modified DCA 350 system. Prior to the
growth, the substrates were outgassed at 670 1C for half an hour.
After the outgassing, the substrate temperature was ramped down
to 650 1C. At that temperature, the substrates were exposed to the
active oxygen for another 30 min. The growth started with the
growth of a thin (about 2 nm) MgO buffer (at 650 1C). On the thin
MgO buffer, a thick ZnO buffer layer (500 nm) was grown (at
650 1C). After that the substrate temperature was lower down to
450 1C to grow the ZnO/ZnMgO MQWs. The low growth tempera-
ture (450 1C) is to avoid the phase separation in ZnMgO.
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All growths were performed under group-II-rich (oxygen
limited) conditions. Typical beam equivalent pressures for Zn,
Mg, and Ga (used as n-type dopant) fluxes are 2.0�10�7 Torr,
2.5�10�8 Torr, and 0.3�10�9 Torr, respectively. The oxygen flow
rate was kept at 0.6 SCCM (standard cubic centimeter per minute).
The RF source (OAR CARS25AI) was operated under a forward
power of 350 W.

High-resolution XRD measurements were performed with a
Bruker D8 Advance x-ray Diffractometer. PL measurements were
carried out at room temperature (RT) using a 266 nm line of a
solid-state laser as the excitation source. The ISB absorption was
measured at RT with a parallel 451 multiple-pass waveguide
geometry using a Nicolet Nexus-670 Fourier-transform IR (FTIR)
spectrometer with a white light source, a CaF2 beam splitter, a
wire-grid polarizer, and a liquid-nitrogen-cooled HgCdTe detector.
Hall Effect measurements were performed with the Van der Pauw
method in a Lake Shore 7604 Hall System.

3. Results and discussions

Samples A and B have 14 periods and sample C has 15 periods.
The ZnO well thicknesses are 26.2 Å, 29.1 Å, and 31.2 Å for sample
A, B, and C, respectively. The ZnMgO barrier thickness for sample A
is 39.4 Å, for sample B is 43.7 Å, and that for sample C is 46.9 Å.
Growth rates are obtained from dividing the film thicknesses by
the growth time in separate calibration samples. The film thick-
nesses are calculated from thickness fringes in high-resolution
XRD curve. Fig. 1 shows the XRD curve for sample D obtained with
coupled θ/2θ scan. Numerous thickness fringes were observed,
indicating high crystalline quality and good surface/interface
quality of the sample. From the angular spacing between the
fringes, the thickness of the ZnO film was calculated. The growth
rate thus determined is 0.28 Å/s. The ZnO well layers in Samples A,
B, and C were doped with Ga with a carrier concentration of
1�1019 cm�3. The electron concentration is obtained from Hall
Effect measurements on the reference sample (sample D). Band-
gap energies of the ZnMgO barrier layers are 4.045 eV, 4.364 eV,
and 4.364 eV for samples A, B, and C respectively, which are also
obtained from separated calibration samples. According to the
reported empirical formula [14], the corresponding Mg composi-
tions are 28.4%, 39.7%, and 39.7% in samples A, B, and C,
respectively.

Fig. 2a shows the reflection high-energy electron diffraction
(RHEED) pattern after the thick ZnO buffer growth for sample C.
A streaky (3�3) pattern with bright Kikuchi lines indicates the

high crystalline quality and good surface morphology of the ZnO
buffer layer. The streaky pattern maintained until the growth of
the complete structure is finished, as shown in Fig. 2b. Similar
RHEED patterns were observed for other samples.

Clear satellite peaks were observed in the MQW samples
(samples A, B, and C), indicating the formation of periodic
structure and good interfacial quality in the samples. Fig. 3 shows
the XRD curve obtained with coupled θ/2θ scan for sample B. The
periodicity thus determined for sample B is 72.8 Å, very close to
the designed value of 72 Å. A large number of thickness fringes
from the thick ZnO buffer layers were observed around the ZnO
(0002) peaks (see the inset of Fig. 3). The observation of thickness
fringes is an indication of excellent crystalline quality of the
sample. Thickness fringes corresponding to the total MQWs thick-
ness are also observed around the satellite peaks (indicated by the
downwards arrows in Fig. 3). The periodicities of samples A and C
determined from XRD measurements are 65.6 Å and 78.1 Å,
respectively. These results demonstrate that ZnO/ZnMgO MQWs
can be grown on c-plane sapphire substrates with high structural
quality.

The emission energies of the MQW samples obtained from PL
measurements are higher than that of the reference sample
(sample D—a Ga-doped ZnO thin film). The higher emission
energy (blue-shift) is the result of quantum confinement effect

Fig. 1. A high-resolution XRD curve obtained with couple θ/2θ scan for sample
D. The observation of clear thickness fringes is an indication of high structural
quality of the ZnO film. The thickness of the ZnO layer can be determined from the
angular spacing between the fringes.

Fig. 2. RHEED pattern of sample C took (a) after the growth of ZnO buffer layer;
and (b) after the MQW structure is finished.

Fig. 3. A high-resolution XRD curve obtained with couple θ/2θ scan for sample B.
Satellite peaks originated from the periodic QW structure were observed. Inset
shows the magnified view around the ZnO (0002) peak and the 0th superlative peak.
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in the MQWs. At RT, the emission energies are 3.410 eV, 3.350 eV,
and 3.332 eV for samples A, B, and C respectively. Fig. 4 shows the
PL spectra for the samples B in reference to sample D. The inset of
Fig. 4 shows the emission energy as a function of ZnO well
thickness. The blue-shift in the MQW samples is also an indication
of moderate electric field in the ZnO well, since a significantly high
field can cause the red-shift due to the strong quantum-confined
Stark effect.

Fig. 5 shows the absorbance of the MQW samples obtained by
FTIR measurements at RT. The absorbance was obtained by tak-
ing the negative natural logarithm of the ratio between the
p-polarized light and the s-polarized light. Due to the ISB transi-
tion selection rule, only the p-polarized light is absorbed by the
QWs. Clear ISB absorptions in the mid IR spectral region are
observed at 2.84 mm for sample A, 3.11 mm for sample B, and
3.46 mm for sample C. The difference in absorption wavelength
(energy) is mainly due to different well width of the samples. All
spectra have the Lorentzian line shapes. The full width at half
maximum (FWHM) of absorption spectra for sample A is 180 meV
(ΔE/E¼41%), for B is 158 meV (ΔE/E¼40%), and for C is 146 meV
(ΔE/E¼40.7%). The large FWHM may result from the very thin
wells used. With such thin wells (�3 nm), a fluctuation of one

monolayer in well thickness (about 3 Å) can cause the change of
ISB transition energy of more than 40 meV. We note that non-
uniformity exists across the wafer. Both the layer thickness and the
alloy composition decrease from the center to the edge of
the wafer.

The absorptions observed in all the MQW samples are strongly
polarization dependent. Fig. 6 shows the absorbance spectra of
sample C measured at different polarization angles, with 01 corre-
sponding to p-polarized light and 901 s-polarized light. The strongly
polarization-dependent absorptions are clear signatures of ISB
absorption. The result is a direct proof that the observed absorptions
are originated from ISB transitions in ZnO/ZnMgO QWs.

4. Summary

In summary, ZnO/ZnMgO MQW structures have been grown on
c-plane sapphire by plasma-assisted MBE with high structural
quality and good interfacial quality. Formation of high quality
MQW structures was demonstrated by the observation of satellite
peaks in high-resolution XRD measurements. PL measurements
demonstrated the expected quantum confinement effect of these
samples. Clear mid IR absorptions at 2.84 mm, 3.11 mm, and
3.46 mm have been observed. Polarization-dependent FTIR mea-
surement results indicate that these absorptions were originated
from ISB transitions. The observation of ISB absorptions demon-
strates the potential to use the ZnO/ZnMgO heterostructures for
ISB devices.
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a b s t r a c t

In order to consistently grow high quality niobium oxides and lithium niobium oxides, a novel solid/
liquid state oxygen source, LiClO4, has been implemented in a molecular beam epitaxy (MBE) system.
LiClO4 is shown to decompose into both molecular and atomic oxygen upon heating. This allows
oxidation rates similar to that of molecular oxygen but at a reduced overall beam flux, quantified by
in situ Auger analysis. LiClO4 operation is decomposition limited to less than 400 1C, and other material
limitations are identified. The design of a custom near-ambient NbCl5 effusion cell is presented, which
improves both short and long term stability. Films of Nb oxidation state þ2, þ3, and þ5 are grown
using these new tools, including the multi-functional sub-oxide LiNbO2.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Transition metal oxides have enabled and improved many
technologies such as hydrogen production, methane production,
photocatalysis, resistive ram, and memristors [1–3]. Often novel
material properties are made possible by the d-orbital electrons
found in transition metals such as niobium, which allow for
various bonding mechanisms and oxidation states. In particular,
several stable niobium oxides exist with different niobium to
oxygen ratios due to the various niobium oxidation states. Exam-
ples include a Nb2þ semimetal (NbO) [4], a Nb4þ semiconductor
(NbO2) [5], and a Nb5þ insulator (Nb2O5) [6]. Lithium bearing
niobium oxide ternaries exhibit optical waveguiding and ferro/
piezoelectric properties in lithium niobate (LiNbO3, Nb5þ) [7–9]
while the sub-oxide lithium niobite (LiNbO2, Nb3þ) has memris-
tive [10] and low Tc superconducting properties [11], as well as
applications as a battery cathode material [12].

Many properties such as ferromagnetism, piezoelectricity, and
pyroelectricity rely on single crystalline material of the highest
quality in order to maximize their effect, and many multi-
functional devices have been realized by perovskite materials,
heterojunctions, and superlattices such as BiFeO3 and BiTiO3/
SrTiO3 [13,14]. It is therefore desirable to develop a method for
growing high quality metal oxide films of varying metal oxidation
state to exploit these multi-functional properties.

Molecular beam epitaxy (MBE) provides monolayer control and
high quality material. However, the growth of stoichiometric
refractory metal oxides by molecular beam epitaxy (MBE) is
traditionally difficult because of inadequate oxygen and low vapor
pressure metal sources leading to extremely low growth rates [15].
Transition metals are difficult to evaporate controllably due to high
temperature requirements and the poor compatibility of a hot
electron beam filament with an oxygen environment. LiNbO3 is
very difficult to grow stoichiometric in oxygen, and it is often
annealed post-growth to incorporate the correct amount of oxy-
gen in the film [16]. It is difficult for any niobium film to reach full
oxidation in an MBE environment at the high growth tempera-
tures required for quality single crystalline material, and therefore
a more reactive oxidizer is desirable to reach these fully oxidized
states. Previous work has explored oxidizers such as oxygen
plasmas and dangerous ozone sources [17]. This work investigates
a solid/liquid state oxygen source as an alternative to these gas
based methods, as well as a new style of MBE effusion cell for the
evaporation of metal-halide sources which offer much lower
evaporation temperatures and therefore greater flux stability [18].

2. Experimental methods

2.1. Custom cell design

Historically, refractory metals have been evaporated by electron
beam to achieve growth level fluxes in MBE; however, the hot
filament used to create the electron beam oxidizes and breaks
easily in an oxide growth environment. For this reason, niobium
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oxides have been previously deposited using a lithium assisted
metal-halide growth chemistry [10,16,18]. In this method the
niobium source is NbCl5, present as the dimer Nb2Cl10, which
has an equilibrium vapor pressure of �1�10�4 Torr at 20 1C. The
chlorine from NbCl5 is gettered by lithium forming LiCl that
desorbs from the substrate surface at growth level temperatures
(vapor pressure¼3.61 Torr at 900 1C). This growth method is
described in depth by Doolittle et al. [16], Greenlee et al. [10]
and Henderson et al. [18]. In this previous work, the material was
evaporated from a Createc NATC-40-40-290 oil/water heated cell,
which provided temperature stability of �0.1%. Despite this
stability, radiation from the hot substrate (�900 1C) caused the
NbCl5 cell temperature to rise, increasing the growth rate gradu-
ally over the course of the growth.

To overcome this problem, a custom evaporation cell was
designed featuring two zone heating and an aperture plate. The

cell, shown in Fig. 1, was manufactured by VESCO-NM. The bulk
material zone of the cell is, like the former case, temperature
controlled by an oil or water bath to maintain stable temperatures
in the near-ambient range. A second heating zone was added at the
tip of the cell, heated by a traditional filament that along with a PBN
aperture plate provides thermal isolation from the substrate radia-
tion. The hot zone also prevents condensation on the aperture plate
and allows a back pressure of NbCl5 for more stable flux control. The
crucible is an 82 cm3 elongated quartz tube, which is filled half full
of material to avoid evaporation from the hot zone.

The vapor flux from the new cell design, measured in beam
equivalent pressure (BEP), follows a linear trend with temperature
on an Arrhenius plot, shown in Fig. 2, as is expected for Knudson
flow. Growth level NbCl5 fluxes can be achieved at 30–60 1C
compared to previous work at 25–35 1C, indicating flow retardation
by the aperture plate. After 6 months of use, the aperture plate
shows no corrosion or clogging, indicating the hot zone operating
temperature of 100–150 1C is sufficient to prevent any condensation.
The cell was measured for long term flux stability over a period of 24
days, shown in Fig. 3, and shows stability within the quoted error
range of a standard ion flux gauge (20% within a pressure decade),
indicating that flux drift is reasonably controlled with this design.

2.2. Lithium perchlorate

Previous work has indicated that oxygen incorporation into a
niobium oxide films at high temperatures (4650 1C) is difficult,
with the fully oxidized state of niobium (chemical valence þ5)
difficult to achieve. LiNbO3 films have been grown by MBE in the
past, as well as the ceramics Li3NbO4 and LiNb3O8, but the
repeatability of these growths is poor due in part to low and
variable oxygen incorporation [16]. This oxygen incorporation
issue has led to the use of a stronger oxidizer than molecular
oxygen, lithium perchlorate (LiClO4), as an alternative to a higher
reactivity sources such as ozone and oxygen plasmas which
require a very specific flow control and in the case of the former
extensive safety regulation due to reactivity. Lithium perchlorate
has the highest volumetric density of oxygen of any material,
including liquid oxygen, and is the only material in the perchlorate
family that is stable above its melting point [19]. The material is
traditionally used as a chemical oxygen generator for emergency
oxygen candles as well as a method of chemical oxygen storage
[19,20]. Lithium perchlorate is also highly soluble in a number of
solvents and is used in this form as a soluble electrolyte for lithium
ion batteries.

Lithium perchlorate exists in the solid state as salt granules at
room temperature. The substance melts at 236 1C in its anhydrous
form, although it is highly hygroscopic and must be handled in a
dry environment. Once hydrated, its melting point shifts to
�247 1C. Lithium perchlorate begins to decompose near 400 1C,
with the reaction becoming exothermic around 420 1C [19,21,22].
The material decomposes according to the following equations:

Fig. 1. (a) Custom NbCl5 cell with (b) tip filament, bulk water, tip and bulk thermocouple feedthroughs, and (c) a 5�5 hole pattern aperture plate.

Fig. 2. The measured NbCl5 flux (BEP) versus temperature on an Arrhenius plot
follows an expected linear trend. Growth level fluxes occur above �30 1C. The
included fit gives an equation ln Pð Þ ¼ 49:0 �20:1 1000=TðKÞ� �

.

Fig. 3. Measured NbCl5 flux at a single setpoint over a period of 24 days. The cell
remains stable within the error range (20%) of a standard ion flux gauge, depicted
by error bars (σ¼4.39�10�8 Torr).
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LiClO4(l)-LiCl(sol.)þ2O2(g) (1)

LiClO4(sol.)þLiCl(sol.)-LiClO3(sol.)þLiCl(sol.)þO(g) (2)

LiClO3(sol.)-LiCl(sol. or s)þ3/2O2(g) (3)

The decomposition of LiClO4 is autocatalytic, catalyzed by the
product LiCl [21], where the formation of LiCl appears to assist in
rupturing the Cl–O bond. This theory is consistent with an observed
activation energy of 222 kJ [22]. The decomposition is shown to
simplify to a standard first order reaction at a LiCl composition of
�40%, at which point the solution is saturated. Eqs. (2) and (3) are the
physical realization of this reaction with both molecular and atomic
oxygen species evolved during the decomposition process. The
presence of atomic oxygen provides the potential for higher reactivity
and stronger oxidation. The LiCl autocatalysis necessitates precondi-
tioning the material by prolonged heating or pre-mixing of LiCl to
reach the 40% LiCl saturation point. In addition, the 400 1C decom-
position temperature places an upper limit on the operational
temperature of the cell as well as the temperature ramp rate to
prevent local heating exceeding the full decomposition temperature.

Lithium compounds have been proven incompatible with
quartz and PBN, and in a previous attempt LiClO4 catastrophically
reacted with a niobium crucible. Thus, the LiClO4 bulk material
was heated in a beryllia crucible in a standard Knudsen effusion
cell. Following six months of use there has been no observable
degradation of the crucible, indicating that BeO is resistant to
lithium perchlorate corrosion on this timescale.

Oxygen evolution begins shortly after the material melts, with
growth level fluxes of oxygen obtained at cell temperatures
between 250 and 350 1C. The measured flux is shown on an
Arrhenius plot in Fig. 4 for the range 250 to 325 1C, showing the
expected linear trend with a measured flux of approximately
1.5�10�5 Torr at 325 1C.

3. Results and discussion

3.1. Niobium thin films

Niobium films have been grown using the aforementioned cell on
sapphire substrates by a lithium assisted growth chemistry. The NbCl5
cell is operated at a tip temperature of 130 1C, while the bulk is
maintained at 50 1C by a heated recirculating water bath, with a
measured flux by ion gauge of �7�10�7 Torr. The NbCl5 is reduced
to Nb with a coincident Li flux, which is maintained in the range of
5�10�7 Torr and varied to adjust the growth rate. Films are
deposited slowly, at approximately 20–50 nm/h at a substrate tem-
perature of 850–950 1C. The Nb thin films are analyzed for crystalline

quality using a Panalytical MRD X-ray Diffraction (XRD) system (Cu-
Kα). The Nb nucleates (1 1 0) oriented BCC on c-plane sapphire,
indicated by the diffraction scan shown in the inset of Fig. 5. The
presence of Pendellösung fringes indicates a smooth film. The film
also exhibits an omega rocking curve FWHM of �130 ″, shown in
Fig. 5, indicating excellent crystal quality. Secondary ion mass spectro-
scopy (SIMS) profiling of the films show no chlorine or lithium
contaminationwith the signals for both elements below the detection
limit of the spectrometer.

3.2. In situ oxidation rate studies

To quantify the oxidation rate of niobium using the LiClO4 oxygen
source, the oxygen KLL Auger peak is monitored for changes in overall
intensity. An in situ Auger probe (Staib Instruments) is used to
examine reactions on the surface of the growing film. In this
configuration, an electron probe is used to analyze Auger electrons
excited by the RHEED gun and the probe is mounted in the pyrometer
port of a Varian Gen II MBE system normal to the substrate. This
system has sub-monolayer surface sensitivity to changing elemental
compositions [23,24]. Unlike traditional Auger systems, the Staib
Auger probe supplies the direct, non-differentiated signal represent-
ing the E�N(E) spectra. In this experiment, crystalline BCC Nb is
deposited on sapphire, growth is halted, and the surface is exposed to
oxygen while monitoring the Auger signal in real time. Upon opening
the LiClO4 shutter, the oxygen KLL peak immediately begins to
intensify. When plotted against time the Auger peak height follows

Fig. 4. The measured LiClO4 flux (BEP) versus temperature on an Arrhenius plot
follows an expected linear trend. Growth level fluxes occur above �250 1C, the
approximate temperature at which oxygen evolution begins. The included fit gives
an equation ln Pð Þ ¼ 15:5 �16:2 1000=T Kð Þ� �

.

Fig. 5. XRD rocking curve of the BCC Nb film with a FWHM of 130″ indicating
excellent crystalline uniformity. Inset X-ray diffraction scan showing (1 1 0)
oriented BCC Nb with Pendellösung fringes indicating a smooth film.
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Fig. 6. Auger oxygen KLL peak height as a function of time. The included fit is a first
order exponential, characteristic of the oxidation time constant for the given
system for (a) LiClO4 at 300 1C, beam flux 8�10�7 torr, τ¼120 s, and (b) 1 SCCM
O2, beam flux 3�10�6 torr, τ¼110 s. Inset Successive Auger oxygen KLL peak
height scans showing increasing surface oxidation.
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a first order exponential relation, saturating as the surface reaction
comes to completion as shown in Fig. 6. The Auger peak height is
proportional to the overall number of oxygen KLL auger electrons
which is directly related to the number of oxygen atoms present in
the energized volume, which increases exponentially toward a
saturated value representing the final (but not necessarily full)
oxidation state.

Multiple data points are taken from 40 eV wide scans of the
oxygen KLL peak with a resolution of 0.5 meV. The measurement
time is 30 s. Scatter plots are fit to a first order exponential
following the form of Eq. (4), where measured peak intensity is
taken from the E�N(E) spectra, shown in the inset of Fig. 6.

I¼ I0�Ae� t=τð Þ ð4Þ

I0 is the final peak height, t is time, τ is the time constant
characteristic of the oxidation, and A is a fitting constant not equal
to I0, indicating a non-zero initial concentration of surface oxide
due to background level oxygen in the MBE system.

Characteristic oxidation peak height transients are shown in Fig. 6
for 1 SCCM O2 and LiClO4 at 300 1C. While these two transients have
similar time constants, the measured beam flux for LiClO4 is about
4 times lower than that of O2. It is theorized that the mixture of
molecular and atomic species present in the LiClO4 oxygen evolution
allows faster oxidation, providing the possibility of faster growth rates
for oxide films than previously possible.

3.3. Niobium oxide thin films

Using the custom NbCl5 cell and the solid/liquid state LiClO4

source, niobium oxide films of various niobium oxidation states
have been grown. Films are grown at a substrate temperature of
850 1C, a NbCl5 flux of �7�10�7 Torr, and constant oxygen flux.
The niobium incorporation and oxidation state is controlled by
adjusting the lithium flux and therefore growth rate. Fig. 7 shows
the x-ray diffraction scan of an NbO film (Nb2þ) oriented (1 1 1)
cubic on c-plane sapphire. The peak at 18.61 2θ–ω is an interface
layer caused by lithium reacting with the sapphire surface forming
(0 0 3) oriented α-LiAlO2.

A c-oriented LiNbO2 film (Nb3þ) was grown using this techni-
que and capped with c-oriented LiNbO3 (Nb5þ). Using the growth
rate to control oxidation state, Li flux was decreased at the end of
growth to allow higher oxygen incorporation into the film. The x-
ray diffraction scan of this film is shown in Fig. 8. The growth of
these various films demonstrates the capability of LiClO4 as a solid/
liquid state oxygen source to oxidize Nb at 850 1C from the þ2 to
þ5 oxidation state.

3.4. Lithium perchlorate pressure instabilities

During the operation of the LiClO4 cell, pressure variations
become an issue significantly affecting the overall chamber pres-
sure. Once oxygen evolution begins at approximately 250 1C, the
pressure in the growth chamber, as measured by cold cathode
gauge, rises sharply with the decomposition of the LiClO4 bulk
material. Monitoring gases by residual gas analysis (RGA), the only
signals with corresponding rapid pressure variations are molecular
oxygen at m/q 32 and doubly ionized molecular oxygen or atomic
oxygen at m/q 16, indicating that oxygen is the source of the
pressure variations. For comparison, the oxygen RGA signal during
LiClO4 decomposition varies around its mean by 75�10�8 Torr,
an order of magnitude larger than the signal variation for mole-
cular oxygen flow, which is only 72�10�9 Torr.

While the source of the pressure instabilities is unknown, it is
hypothesized that they could be caused by bubbling as the oxygen
evolution occurs and/or droplets of liquid LiClO4 spitting from the
cell. If true, then a valved or aperture sealed cell such as the NbCl5
cell described in this work could resolve these instabilities.
Previous reports of chemical additives used to stabilize the
decomposition of LiClO4 such as AgNO3 and AgClO4 could also be
used [25].

3.5. Comparisons with molecular oxygen

RGA signals exhibit specific cracking patterns for various
materials relating to the probability of double ionization as well
as the probability of cracking a dimer such as O2. For molecular
oxygen, the measured ratio of the RGA signals at mass to charge
ratio 16 to 32 is 5.67%, while that ratio is 8.42% for LiClO4. This
corresponds to a 48.5% increase in signal at mass to charge ratio
16. This increase supports the mixed oxygen species theory,
suggesting that the LiClO4 is evolving both molecular and atomic
oxygen. It is conjectured that this is the mechanism behind the
faster oxidation rate per flux beam equivalent pressure revealed by
the in situ Auger transient experiment in Section 5.2.

4. Conclusions

It has been demonstrated that a liquid heated bulk, filament
heated tip, two zone effusion cell with an aperture plate is
effective for the stable and controllable evaporation of metal-
halide sources in an MBE environment. Using this source, high
quality Nb thin films on sapphire have been grown. It has also
been shown that the salt LiClO4 can be used as a solid/liquid state
oxygen source evaporated from a standard effusion cell. Through
an in situ Auger experiment, LiClO4 is shown to be a strongerFig. 7. XRD 2θ–ω scan of (1 1 1) oriented NbO with an interface layer of α-LiAlO2.

Fig. 8. XRD 2θ–ω scan of c-oriented LiNbO2 capped with LiNbO3.
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oxidizer than molecular oxygen providing a pathway to potentially
higher growth rates, likely due to the presence of both molecular
and atomic oxygen evolving from the molten salt. Using the LiClO4

cell niobium oxides have been grown in Nb oxidation states þ2,
þ3, and þ5, including the multi-functional sub-oxide LiNbO2. It is
also shown that pressure instabilities from the LiClO4 must be
addressed to improve the quality of films grown by this method.
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a b s t r a c t

The authors present the apparent improvement of quality of La2CuO4 (LCO) thin films with the
introduction of an amorphous layer (AL) of LCO. The samples were grown on LaSrAlO4 substrates by
pulsed laser deposition. X-ray diffraction (XRD) measurements demonstrate that the introduction of the
AL of LCO significantly improves the structural quality of LCO thin films. The linewidth of XRD peaks is
significantly narrowed down to 129 arcsec. Atomic force microscopy (AFM) shows that the surface
precipitates are sufficiently suppressed for the LCO films with ALs. The spectra of optical absorption
indicate that the ALs can improve the stoichiometry of the LCO films. The mechanism for the improved
quality of LCO films with the ALs is discussed based on the results of XRD and AFM measurements.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Epitaxial growth of high Tc cuprate superconductor (HTCS) thin
films, such as YBa2Cu3O7 and La2�xSrxCuO4 (LSCO), has been paid
great attention in the viewpoint of both fundamental physics and
optoelectronic-device applications [1,2]. The parent compound of
HTCS such as La2CuO4 (LCO) is a Mott insulator. With carrier
doping into the CuO2 plane of the parent compound of HTCS, the
superconductivity appears [3]. Therefore, the physics of the carrier
(hole and/or electron) creation in a Mott insulator is the crucial
concept to understand the superconductivity of cuprates [4].
Among HTCSs, LSCO is a model system to investigate the carrier
doping into CuO2 plane, because of its simple structure. Moreover,
thin films of HTCS are suitable for optical measurements to reveal
the doping-dependent evolution of the electronic structures.

For the LSCO film deposition, LaSrAlO4 (LSAO) is a favored
substrate in term of lattice-matching [2]. Furthermore, the LSAO
substrate can give a compressive strain in the LSCO thin film,
resulting in the increase of the critical temperature of super-
conductivity [5]. It is well known that the conditions of substrate
surface and the initial nucleation are crucial in the epitaxial

growth of thin films. For the LSAO substrate, the transmission
electron microscopy (TEM) study reveals that the surface suffers a
serious degradation due to the segregation of Sr oxides, when the
substrate is annealed at high temperature under oxygen envior-
onment [6]. This surface degradation induces the surface defect
accompanied by the reduced structural quality in the LSCO films.
Recently, we succeeded in the improvement of the surface
morphology of LSAO substrate by introducing the homoepitaxial
layer and successfully suppressed precipitates, i.e., impurity
phases, in the LSCO films [7].

In this study, we demonstrate another method to improve the
quality of LCO thin films on the LSAO substrates. The kernel of this
idea is to protect the surface of LSAO substrate by depositing an
amorphous layer of LCO (AL-LCO) at low temperature. This
amorphous layer crystallizes during the ramp-up of the substrate
temperature, and then serves as nucleation sites for the subse-
quent growth of the LCO epitaxial film. Based on the results of the
X-ray diffraction (XRD), atomic force microscope (AFM), and
optical absorption experiments, we discuss the effect of the AL-
LCO on the growth of LCO epitaxial films.

2. Experimental procedure

The samples were deposited on LSAO (001) substrates by
pulsed laser deposition (PLD) utilizing a KrF eximer laser as an
exciting light source. Laser fluence and the repetition rate were
�2 J/cm2 and 4 Hz, respectively. Stoichiometric ceramic LCO
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targets were used in the present study. A 5-nm-thick AL-LCO was
first deposited at a substrate temperature (Ts) of 350 1C in an
oxygen pressure (PO) of 250 mTorr. Then, Ts was increased to
�780 1C, and a LCO film with a thickness of about 100 nm was
deposited again. After the depositions, the sample was in situ
annealed at 400 1C under 400 Torr of O2 for 30 min. For compar-
ison, LCO films without ALs of LCO were also prepared. The
structural quality of the thin films was evaluated by XRD measure-
ments. AFM was used to investigate the surface morphology. The
optical properties were studied by optical absorption spectrum in
a range of mid-infrared to UV wavelength at room temperature.

3. Results and discussions

The effect of AL-LCO on the structural quality of thin films is
summarized in Fig. 1. The 2θ–θ scans of the LCO films without and
with the AL-LCO [Fig. 1(a)] indicate that both LCO films were c-axis
oriented. However, there are some additional peaks in the 2θ–θ
scans of the LCO films without the AL-LCO, marked with arrows in
the top of Fig. 1(a), indicating the presence of impurity phases.
Note that it is hard to eliminate these additional peaks by any
optimizations of deposition parameters such as Ts, PO, and ablation

power of KrF excimer laser. However, the introduction of an AL-
LCO can apparently suppress the formation of impurity phases.
Fig. 1(b) shows the rocking curves around the (006) peaks of the
LCO films without and with the AL-LCO. The linewidth of the
diffraction curve with the AL-LCO is much narrower than that
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Fig. 1. (a) X-ray diffraction curves of La2CuO4 (LCO) films prepared without (top)
and with (bottom) low-temperature-deposited amorphous layer of LCO (AL-LCO).
Triangles and arrows indicate the peaks of the LaSrAlO4 (LSAO) substrate and the
impurity phases, respectively. (b) The rocking curves around (006) of LCO thin films
with (solid line) and without (dash line) AL-LCO. Data (dotted line) obtained from
the control sample of LCO filmwith AL-LCO is also plotted (see text for details). (c,d)
Full width at half-maximum dependence of rocking curves of LCO thin films on the
thickness and substrate temperature of the AL-LCO, respectively. 70605040302010
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Fig. 3. (a) XRD curves of 5-nm-thick LCO films directly deposited on LSAO substrate
at high temperature (top) and deposited at low temperature and subsequently
annealed at high temperature (bottom). The arrows indicate the peaks from
impurity phases in LCO film. (b) Rocking curves of (006) diffraction peak for the
corresponding samples in (a).
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at room temperature for LCO thin films with (solid line) and without (dotted line)
AL-LCO.
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without the AL-LCO, indicating a higher structural quality. These
results suggest that the AL-LCO can avoid the surface degradation
of the LSAO substrate, resulting in the improvement of epitaxial
growths. This can be identified by the following experiment.
Before depositing AL-LCO, the LSAO substrate was annealed at
�800 1C, which may lead the degradation of the substrate surface.
After the annealing, the Ts was decreased to 350 1C, and then the
AL-LCO was deposited. As shown by the green dash line in Fig. 1
(b), the linewidth is broadened, but still narrower than the blue
dotted line (without the AL-LCO). This result indicates that the AL-
LCO can improve the surface condition of the LSAO substrate. We
also investigated the effects of the growth temperature and the
thickness of AL-LCO on the structural quality. As shown in Fig. 1
(c) and (d), under optimized conditions, the film quality can be
sufficiently improved.

Fig. 2 is the optical absorption of the LCO films with and
without the AL-LCO. Both films show an optical absorption edge at
2.0 eV, which corresponds to the charge-transfer (CT) gap in LCO
[8,9]. However, there are several differences in the two spectra.
With the AL-LCO, the absorption edge becomes much steeper,
suggesting that the film becomes more homogeneous. Above the
CT gap, three peaks have been observed in the sample with the

AL-LCO. Without the AL-LCO the low energy peak vanishes and the
spectrum weight is slightly reduced after structure degrades for
the sample. There have been some reports to discuss the origin for
these peaks [10]. They may come from the excitonic effect in the
cuprate. In the sample without the AL-LCO, there is still some
absorption in the lower energy region and an obvious middle
infrared peak is observed. The transfer of spectrum weight from
the high energy region to the low energy region is attributed to
the introduction of hole carriers in the CuO2 plane, which has been
reported in the optical studies of LSCO with various Sr doping
concentrations [8,9]. This suggests that additional holes are
generated in the sample without the AL-LCO. One possibility is
that Sr oxides segregated on the LSAO surface [6] diffuses into the
LCO film without the AL-LCO. On the other hand, the AL-LCO is
expected to suppress the segregation of Sr oxides. As a result, the
LCO film with the AL-LCO has good stoichiometry.

In order to confirm the suppression of the impurity-phase
formation by the AL-LCO, we performed the following annealing
experiments. A 5-nm-thick AL-LCO was deposited on LSAO at low
temperature of 350 1C and was subsequently annealed at 780 1C.
We also directly grew a 5-nm-thick LCO on LSAO at 780 1C for
comparison. Fig. 3 shows the XRD curves for these films. Note that

 As received LSAO substrate  Annealed LSAO substrate

 Annealed AL-LCO film (~5nm)  5-nm-thick LCO film

  LCO film without AL-LCO LCO film with AL-LCO

Fig. 4. AFM images of surfaces for (a) as-received LSAO substrate, (a0) LSAO substrate annealed at 800 1C under 100 mTorr of O2 for 10 min, (b) AL-LCO film annealed at
780 1C, (b0) 5-nm-thick LCO film deposited at 780 1C, (c) LCO film grown on AL-LCO at 780 1C, and (c0) 100-nm-thick LCO film grown at 780 1C without AL-LCO.

B.-S. Li et al. / Journal of Crystal Growth 425 (2015) 230–233232



before annealing, the AL-LCO showed no diffraction peak (data not
shown), indicating the formation of amorphous film. After anneal-
ing, (00l) peaks of LCO appear in the XRD of the AL-LCO film. This
suggests that crystallization occurs in the annealing process. For
the LCO film directly deposited at high temperature, it also shows
the (00l) diffraction peaks. As indicated by arrows in the top panel
of Fig. 3(a), however, several broadened peaks from impurity
phases also appear in the XRD of the LCO film. These results
suggest that the AL-LCO can suppress the formation of impurity
phases, which may relate to the segregation of Sr oxides on the
LSAO surface at high temperature.

Fig. 3(b) is the rocking curve scan around (006) for the
annealed AL-LCO film (bottom) and the LCO film deposited at
780 1C (top). The linewidth (�490 arcsec) from the annealed AL-
LCO film is much narrower than that of the LCO film (�712 arc-
sec). From this result, we can expect that the in-situ annealed AL-
LCO film has better structural quality than that of the initial
growth stage of the LCO film directly deposited on the LSAO
substrate at high temperature.

In order examine the impact of the AL-LCO on the surface
condition, we investigated the surface morphology for the sub-
strates and LCO films by AFM. Fig. 4 shows AFM images of surfaces
for (a) an as-received LSAO substrate, (a') an LSAO substrate
annealed at 800 1C under 100 mTorr of O2 for 10 min, (b) a 5-
nm-thick AL-LCO film annealed at 780 1C, (b') a 5-nm-thick LCO
film deposited directly on the substrate at 780 1C, (c) a 100-nm-
thick LCO film grown on the AL-LCO at 780 1C, and (c') a 100-nm-
thick LCO film grown directly on the substrate at 780 1C. The
surface of an as-received substrate has a step-and-terrace struc-
ture [Fig. 4(a)], which is suitable for the epitaxial film growth.
After annealing, however, the step-and-terrace structure disap-
pears, as seen in Fig. 4(a'). There are lots of islands and holes (or
pits) on the annealed surface. This is consistent with the previous
report [7]. This result confirms that the surface of an LSAO
substrate is not stable at high temperature under oxygen environ-
ment. The degradation of the LSAO surface observed in the present
study may be related to the segregation of Sr oxides at high
temperature as confirmed by the TEM experiments [6]. Reflecting
the LSAO-surface degradation at high temperature, a lot of
precipitates with various shapes appeared on the surface of a 5-
nm-thick LCO film directly on the substrate, as shown in Fig. 4(b').
The size of the precipitates increased with the increase of the film
thickness, as can be seen in Fig. 4(c'). Note that, generally, the
precipitates are nonstoichiometric species containing a high per-
centage of Cu. On the other hand, the surface morphology of the
annealed AL-LCO looks completely different from the LCO film
directly deposited at high temperature. Before annealing, the film
is composed of uniform spheroids with very small size (data not
shown). After annealing, a lot of rectangle-shaped grains appeared,
as can be seen in Fig. 4(b). We confirmed that most of the grains
aligned with [100] and [010] of the LSAO substrate. From this

result and the XRD [Fig. 3(a)], we can consider that crystallization
of the AL-LCO occurs along [100] and [010] of the LSAO substrate
during the annealing process. As can be seen in Fig. 4(c), this
crystallized AL-LCO suppressed the formation of precipitates in the
subsequent growth of the LCO film, resulting in the improvement
of its stoichiometry. Furthermore, from the XRD of the LCO film
with the AL-CLO [Fig. 1(a)] we can consider that the crystallized
AL-LCO acts as nucleation sites and thus improve the structural
quality of the LCO film.

4. Conclusions

We have studied the effect of AL-LCO on the quality of LCO
films grown on LSAO (001) substrates by the pulsed laser deposi-
tion method. The experimental results indicate that the AL-LCO
suppresses the degradation of the LSAO-substrate surface at high
temperature. As a result, the introduction of AL-LCO significantly
improved the structural quality and stoichiometry of the LCO films.
We also found that when LCO films were deposited directly on
LSAO substrates at high temperature, the formation of precipitates
occurred in the initial growth stage. This result is attributable to
the degradation of the LSAO-substrate surface such as the segre-
gation of Sr oxides. These findings demonstrate that the surface
engineering of LSAO substrates is crucial for preparing LCO thin
films with high quality.

Acknowledgments

The authors would like to thank Prof. Aidong Shen of Depart-
ment of Electrical Engineering, The City College of the City
University of New York for his invaluable comments on the results
and suggestion on improving the manuscript.

References

[1] T. Terashima, K. Iijima, K. Yamamoto, Y. Bando, and H. Mazaki, Jpn. J. Appl.
Phys. 27(1988) L91; J.C. Nie, H. Yamasaki, Y. Nakagawa, K. Develos-Bagarinao,
M. Murugesan, H. Obara, and Y. Mawatari, Appl. Phys. Lett. 86 (2005) 192507.

[2] G. Logvenov, A. Gozar, I. Bozovic, Science 326 (2009) 699;
I.E. Trofimov, L.A. Johnson, K.V. Ramanujachary, S. Guha, M.G. Harrison,
M. Greenblatt, M.Z. Cieplak, P. Lindendeld, Appl. Phys. Lett. 65 (1994) 2481;
H. Sato, A. Tsukada, M. Naito, A. Matsuda, Phys. Rev. B 61 (2000) 12447.

[3] J.G. Bednorz, K.A. Müller, Z. Phys. B 64 (1986) 189.
[4] Patrick A. Lee, Naoto Nagaosa, Xiao-Gang Wen, Rev. Mod. Phys. 78 (2006) 17.
[5] J.-P. Locquet, J. Perret, J. Fompeyrine, E. Mächler, J.W. Seo, G. Van Tendeloo,

Nature 394 (1998) 453.
[6] A.E. Becerra-Toledo, L.D. Marks, Surf. Sci. 604 (2010) 1476.
[7] B.S. Li, A. Sawa, H. Okamoto, Jpn. J. Appl. Phys. 50 (2011) 093101.
[8] S. Uchida, T. Ido, H. Takagi, T. Arima, Y. Tokura, S. Tajima, Phys. Rev. B 43 (1991)

7942.
[9] M. Suzuki, Phys. Rev. B 39 (1989) 2312.
[10] K. Waku, T. Katsufuji, Y. Kohsaka, T. Sasagawa, H. Takagi, H. Kishida,

H. Okamoto, M. Azuma, M. Takano, Phys. Rev. B 70 (2004) 134501.

B.-S. Li et al. / Journal of Crystal Growth 425 (2015) 230–233 233

http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref3
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref4
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref4
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref5
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref6
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref7
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref8
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref8
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref9
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref10
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref11
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref11
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref12
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref13
http://refhub.elsevier.com/S0022-0248(15)00287-0/sbref13


Growth temperature and surfactant effects on the properties of mixed
group V alloys

S.P. Svensson a,n, W.L. Sarney a, B.C. Connelly a, E.M. Anderson b, J.M. Millunchick b

a U.S. Army Research Laboratory, Adelphi, MD 20783, USA
b Department of Materials Science and Engineering, University of Michigan, Ann Arbor, MI 48109, USA

a r t i c l e i n f o

Available online 3 March 2015

Keywords:
A3 molecular beam epitaxy
B2 Semiconducting III–V materials

a b s t r a c t

The optical properties of InAsSb, nominally lattice matched to GaSb, grown at varying substrate
temperatures with and without Bi-surfactant exposure, were studied with photoluminescence (PL).
Both Bi exposure and increasing substrate temperatures reduce the Sb-incorporation and produce
strained layers. The bandgap of lattice mismatched layers grown in this way is lowered compared to
unstrained material. The PL intensity decreases dramatically when the lattice mismatch increases. The PL
intensity also shows significant broadening that can be interpreted as evidence for inhomogeneous alloy
distributions induced by the Bi.

Published by Elsevier B.V.

1. Introduction

InAsSb has become a material of increasing interest due to its
use in infrared (IR) detector applications. By combining it with
InAs in a superlattice, a wide range of bandgaps can be reached,
although the absorption becomes increasingly weak at longer
wavelengths [1]. This problem is avoided in bulk InAsSb, which
has an absorption very similar to that of bulk HgCdTe [2]. It has
recently been demonstrated that the bandgap bowing parameter
of InAsSb is large enough that the entire long wavelength infrared
(LWIR) band can be reached (8–12 μm) [3–5]. This was enabled by
development of an efficient lattice constant shifting buffer tech-
nology that allows the growth of unstrained, unrelaxed material.

Optimization of the growth parameters of InAsSb for a desired
bandgap requires that the interplay between the parameters is known
so that a mole fraction can be maintained when one parameter is
varied [6]. It is also of interest to explore the feasibility of further
materials quality improvements from surfactants, such as Bi [7].

In this work we have studied the effects on the structural and
optical properties and the As/Sb composition in InAsSb nominally
lattice matched to GaSb as a function of substrate temperature and
Bi-exposure (without incorporation).

2. Experimental

Molecular beam epitaxy (MBE) was used to grow InAsSb on
(001) GaSb substrates, with conditions as described previously [7].

The samples consist of two layers, a 0.59-μm InAsSb layer without
Bi exposure and a top 0.27-μm layer of InAsSb with Bi exposure.
Both layers of all samples were grown with the Sb/As flux ratio
that was previously determined for obtaining lattice matched
InAsSb0.089 on GaSb at a substrate temperature of 415 1C [9]. The
substrate temperature was varied (400–490 1C) so that the com-
bined effect of Bi exposure and substrate temperature on the Sb
incorporation could be determined. The Bi beam equivalent
pressure (BEP) of 4.8�10�7 Torr does not induce incorporation
at alloy levels using these growth conditions [8]. The composition
of the InAsSb layers was determined from triple axis x-ray
diffraction using (004) and (115) reflections. Selected samples
were studied with symmetric and asymmetric reciprocal space
maps and with transmission electron microscopy (TEM). Sample
bandgaps were determined from low-temperature 8-K photolu-
minescence (PL). Samples were excited using a continuous-wave
975-nm laser tuned between 9.9 and 231 mW. PL spectra were
acquired using a Fourier transform infrared (FTIR) spectrometer
with a liquid-nitrogen cooled HgCdTe detector through a 2.4-mm
longpass filter to isolate the PL signal from pump laser scattering.
The sample temperature was varied between 8 and 300 K using a
closed-cycle He cryostat.

3. Results

An increase in the substrate temperature results in a decrease
of the Sb content with or without Bi exposure. Adding Bi to the
surface during growth induces a further reduction of the Sb
content, although it becomes less pronounced for higher growth
temperatures.
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With a kinetic model we could fit the data, taking several
surface processes into account including, deposition, desorption,
removal of one anion by another (such as Sb removal by As) and
segregation. The results suggested that the composition of the film
was altered by the replacement of Bi with As [6].

In order to explore the optical properties of these structures, low-
temperature PL was performed. A typical 8 K spectrum is shown in
Fig. 1, where two distinct peaks can be seen in the PL signal, which can
be attributed to the two layers in the structure. We observe a relatively
sharp peak, with a broad high-energy shoulder. By decomposing the
structure into two Bi-Gaussian peaks, which is used to account for the
observed asymmetry in the broad high-energy shoulder, we obtain
peaks with similar height but very different widths. By assuming that
the broad peak originated from the Bi-exposed layer we could plot the
peak positions as a function of substrate temperature as seen in Fig. 2.
Using the same assignment of the peaks we can plot the same energies
as a function of composition in Fig. 3. A monotonic change in bandgap
as a function of Sb composition was observed. The overlapping
composition ranges of the data from the Bi-exposed and un-exposed
layers give confidence in the peak assignments. The dependence of the
bandgap is significantly different than expected from unstrained
material as shown in Fig. 3a. The energy is noticeably lower than
expected. Another striking effect is the strong sensitivity of the PL
intensity as the Sb-composition deviates from the lattice matched
condition.

The one sample grown at 415 1C in this series has an InAsSb layer
with 8.95% Sb, followed by a 6.30% Sb layer (grown in presence of Bi).
The initial layer has a very small (�0.003%) compressive strain relative

to the substrate and the second layer has a small tensile strain (0.184%)
relative to the first layer. (004) and (444) reciprocal space maps show
that the in-plane lattice constant is constant throughout the film
thickness, and that the strain is accommodated by tetragonal distortion.
TEM images show a narrow, high contrast strain band at the interfaces
(Fig. 4a), but no threading dislocations within the field of view. The
layers are flat and there is no evidence of compositional inhomogeni-
eties, but there is also no contrast between the two layers, as would be
expected for such small composition differences (Fig. 4b). Reciprocal
space maps of the sample grown at 430 1C also shows that the lattice
mismatch is accommodated by tetragonal distortion, although in this
case both layers are tensile strained (0.051% and 0.200%).

The first layer of the sample grown at 460 1C was mostly relaxed
within the resolution afforded reciprocal space maps and triple axis
x-ray diffraction, however the relaxation was anisotropic along the two
orthogonal [110] directions. This anisotropy was seen in all three
samples grown at or above 460 1C, and results in a small residual
strain. As the temperature increases, the Sb composition decreases and
becomes closer to InAs, which is known to show anisotropic strain
relaxation via misfit dislocations [9]. TEM shows relaxation at the GaSb/
InAsSb0.061 interface (mismatch strain of 0.15%), although no disloca-
tions thread through the structure within the field of view (Fig. 4c),
which is not unexpected given the very low density of dislocations
expected to be generated by such a small mismatch. There is no strain
contrast band at the interface between the InAsSb0.061 and InAsSb0.046
(mismatch strain of 0.15%) layers. As the temperature increased, the
presence of the Bi had less effect on the composition; therefore it is not
surprising that the interface is less pronounced.

4. Discussion

A reduction in the bandgap compared to the expected
unstrained case as seen here was also observed by Marciniak,
et al. in thick InAsSb films [10]. They assumed that this was due to
residual strain in the films, even though the thicknesses were of
the order of a micron or more. They also discussed the possibility
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of CuPt ordering but did not favor that explanation. The InAsSb
alloys in this study have Sb compositions ranging from 4.20–9.10%,
and it seems indeed unlikely that ordering can play a significant
role in alloys with compositions that are so far from InAs0.50Sb0.50.
Our observations of residual strain support this as the dominant
mechanism for the bandgap shift.

The PL intensity from both the Bi-exposed and non-exposed layers
goes down rapidly as the lattice mismatch increases. We cannot
determine the direct cause for this. None of the layers showed
threading dislocations. It is possible that the increasingly strained
interfaces with GaSb may have localized recombination centers.

The PL intensity from the Bi-exposed layers, relative to the non-Bi-
exposed bottom layers, is more perplexing. When the non-Bi-exposed
bottom layer is close to lattice matched, the integrated intensity from
each peak is comparable. However, as the lattice mismatch of the non-
Bi-exposed bottom layer is increased, the integrated PL intensity of the
Bi-exposed layer is �3–6 times greater than the non-Bi-exposed
bottom layer. Since the laser light is incident upon the Bi-exposed
top layer first, more light is absorbed in that layer. Further, a portion of
the PL emitted by the non-Bi-exposed bottom layer will be absorbed by
the top layer. Using an absorption coefficient of �2�10-4 cm�1, we
would expect the integrated PL intensity from the Bi-exposed top layer
to be a factor of �1.5 greater than from the non-Bi-exposed bottom
layer (assuming comparable material quality), falling short of the
observed factor of 3–6.

Also, the peaks from the Bi-exposed layers are significantly broader
than the peaks from the layers that were not exposed to Bi. The
observed peak width is seen to increase from 6 to 9meV at low
injection from 12 to18meV at high injection, which suggests filling of
the higher energy states that are present due to compositional
inhomogeneities. These widths can be compared with the 4–6meV
peak widths observed in the non-Bi-exposed layer at all injection
levels. It seems likely that the wide peak widths of the Bi-exposed
layers are due to non-uniformities in the alloy concentration that are
below what can be detected by TEM. Inhomogeneties in the As/Sb
distribution would lead to variations in the bandgap that would be
further enhanced by the strain effect. This would also lead to localiza-
tion that could help explain the unexpectedly large luminescence
intensity. The localized states may collect the excited carriers prevent-
ing non-radiative recombination through defect states, thus increasing
the contribution from radiative recombination.

5. Conclusion

Although this set of experiments does not rule out a possible
benefit to InAsSb growth from a Bi surfactant, it demonstrates the

sensitivity of the material to lattice mismatch, which may be
enhanced in a negative way by Bi. In order for InAsSb to exhibit its
real bandgap, it needs to be strain-free. During mismatched
growth Bi appears to induce alloy broadening.

Since both raising the growth temperature and using Bi surfactants
suppresses Sb incorporation, it induces strain and/or strain-relieving
defects. Therefore, one would need to grow perfectly lattice matched
material with and without the Bi surfactant in order to make a
conclusive comparison of the material's properties.
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a b s t r a c t

A series of GaAsBi/GaAs multiple quantum well p–i–n diodes were grown by molecular beam epitaxy.
Nomarski images showed evidence of sub-surface damage in each diode, with an increase in the cross-
hatching associated with strain relaxation for the diodes containing more than 40 quantum wells. X-ray
diffraction ω–2θ scans of the (004) reflections showed that multiple quantum well regions with clearly
defined well periodicities were grown. The superlattice peaks of the diodes containing more than 40
wells were much broader than those of the other diodes. The photoluminescence spectra showed a
redshift of 56 meV and an attenuation of nearly two orders of magnitude for the 54 and 63 well diodes.
Calculations of the quantum confinement and strain induced band gap modifications suggest that the
wells in all diodes are thinner than their intended widths and that both loss of quantum confinement
and strain probably contributed to the observed redshift and attenuation in the 54 and 63 well diodes.
Comparison of this data with that gathered for InGaAs/GaAs multiple quantum wells, suggests that the
onset of relaxation occurs at a similar average strain–thickness product for both systems. Given the rapid
band gap reduction of GaAsBi with Bi incorporation, this data suggests that GaAsBi is a promising
photovoltaic material candidate.
& 2015 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

The large, non-linear bowing coefficient of Bi in GaAs [1] makes
it a promising candidate for infrared detectors and the band gap
temperature dependence and split-off band modification suggest
applications in telecommunications [2,3]. Little attention has been
paid to the potential of GaAsBi and related materials for photo-
voltaic (PV) applications. The large band gap reduction per unit
strain on GaAs (750 meV/%strain [4,5]) makes GaAsBi/GaAs multi-
ple quantum wells (MQWs) a candidate material system for the
middle junction in triple junction PV. For this application, well
numbers in excess of 60 are required [6]. GaAsBi/GaAs structures
with up to 24 wells have previously been investigated [7] and this
project aims to characterize structures containing up to 60 wells
with a view to the development of GaAsBi as a 1 eV absorbing
photovoltaic material candidate.

2. Experimental

In this work, GaAsBi/GaAs MQW p–i–n diodes were grown on 2 in.
epi-ready nþ GaAs:Si substrates cleaved into 11.4 mm�11.8 mm
sections to fit the sample holder of an Omicron molecular beam
epitaxy–scanning tunnelling microscopy (MBE–STM) system. Details of
the sample preparation and growth calibration protocols are discussed
elsewhere [8]. A 200 nm n-type GaAs:Si buffer was grown at 580 1C on
each sample before the heterostructure was deposited (see Fig. 1 for
sample structures). The Ga flux was 3.44 atoms nm�2 s�1, which is
equivalent to a GaAs growth rate of 0.55 mm/h, with an As2 flux of
6 atoms nm�2 s�1. The n-type AlGaAs cladding was also grown at
580 1C using the same Ga flux, an Al flux of 1.47 atoms nm�2 s�1 and
an As2 flux of 7 atoms nm�2 s�1 to produce Al0.3Ga0.7As. The sample
was cooled to 380 1C and the arsenic cracker was cooled from 1000 1C
to 650 1C to provide As4 for growth of the MQW region. As4 was used
for the growth of GaAsBi because it has been shown that there is a
much larger As:Ga flux ratio growth window for GaAsBi using As4 than
As2 with no reduction in material quality [8,9]. The MQW i-region was
grown using an As4 flux of 6 atoms nm�2 s�1. Prior to growth of the
first GaAsBi well a Bi pre-layer was deposited on the growth surface.
The pre-layer was deposited in the absence of a Ga flux by exposing
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the growth surface to the same Bi flux as that used during well growth
(0.24 atoms nm�2 s�1) for 30 s. The pre-layer was intended to prevent
compositional fluctuations caused by the finite time taken to build up a
surface Bi layer as reported by Fan et al. [10]. After deposition of the Bi
pre-layer, growth was halted for 30 s before growth of the first
quantum well (QW). The nominal well thickness in every sample
was 8 nm. Growth was interrupted at each well/barrier interface for
1 min to allow excess Bi (i.e. the Bi layer that forms on top of the
reconstructed surface) to desorb; the Bi surface reconstruction lifetime
at this temperature is significantly longer [8,10], so Bi desorption from
the reconstructed Bi layer was considered to be negligible. After the
growth of the QWs, the sample was heated back up to 580 1C and the
As cracker was heated back up to 1000 1C to produce As2 before
deposition of the upper AlGaAs cladding and GaAs cap layers, which
were grown using the same temperatures and fluxes as the first
AlGaAs and GaAs layers.

The photoluminescence (PL) measurements made during this
work were performed with a 532 nm continuous wave, diode
pumped solid state laser. The PL signal was spectrally separated
using a monochromator and the signal was passed through a phase
sensitive lock-in amplifier to eliminate background noise from the
measurements.

The ω–2θ X-ray diffraction (XRD) measurements throughout
this work were taken on a Bruker D8 Discover XRD machine using
Cu kα1 radiation and the measured diffraction patterns were
modelled using RADS Mercury software assuming a GaBi lattice
constant of 6.28 Å [11].

3. Results

3.1. Nomarski

Nomarski differential interference microscopy images of the
surfaces of the diodes (Fig. 2) showed signs of sub-surface structural
damage. For the diodes with up to 40 wells, the sub-surface damage
lines were not all orthogonal and straight, so it seems unlikely that
they were caused by strain relaxation [12]. QW54 and QW63
showed a much greater density of damage lines and a significant
proportion of the lines were straight and orthogonal, indicating that
strain relaxation may have played a part in their formation.

3.2. XRD

Initial (004) XRD scans of the diodes are shown in Fig. 3. The
presence of clear superlattice (SL) peaks indicates that MQW regions
of well-defined periodicity were formed. There is a significant
broadening of the SL peaks for QW54 and QW63, which is often
an indication of strain relaxation [14]. As only the symmetrical 004
scan was performed on these diodes, only the MQW period and

average Bi content have been extracted from this data, assuming no
strain relaxation. By assuming 8 nm wells of uniform Bi content, the
measured MQW period and average Bi content were used to
calculate the average strain in the MQW region. The predicted
average strain was calculated using the nominal well and barrier
thicknesses. The predicted average strain most accurately matched
the measured average strainwhen the Bi content was set to be 2.83%.

3.3. PL

The PL spectra from the diodes grown in this work are shown
in Fig. 4. The diodes with up to 40 wells show a slight variation in
peak position and peak intensity. This variation is probably due to
variations in the substrate temperature and atomic fluxes during
growth. The growth temperature uncertainty is 710 1C, the flux
uncertainties are all 710%, and Bi incorporation is very sensitive
to the growth temperature and atomic fluxes during growth [8].

The diodes containing more than 40 wells show a significant
redshift and attenuation of their PL spectra. The redshift between
the mean PL peak energies of the diodes with up to 40 wells and
those with more than 40 wells is 56 meV. The significant redshift
and attenuation of the spectra from QW54 and QW63 could be
caused by two effects: strain relaxation and loss of quantum
confinement. The redshift associated with each effect was calcu-
lated to determine which was responsible for the observed red-
shift and attenuation in the PL spectra.

3.4. Analysis

From the Nomarski, XRD and PL data, there appears to have been
a strain relaxation event in QW54 and QW63. The analysis was,
therefore, only conducted for the diodes with up to 40 wells as the
average strain estimated from the XRD data and the Bi content
estimated from the PL spectra would be affected by relaxation.

First, the quantum confinement energy in each sample was
calculated assuming a uniform Bi content throughout the QWs. This
assumption was necessary to complete the calculations; however, it
has been shown that GaAsBi QWs do not always have uniform Bi
contents [15]. The numbers derived from these calculations are,
therefore, only effective well widths and Bi contents, which are
used to estimate the quantum confinement and band gap mod-
ification due to strain in each diode. By varying the estimated QW
widths and Bi contents in each diode in order to match the first
calculated QW transition to the observed peak PL energy (as in
Fig. 4), while maintaining the observed average strain in the MQW
region (as in Fig. 3b), new estimates of the average QW width, Bi
content and quantum confinement energy in each MQW were
obtained. These parameters were then used to estimate the redshift
of the first QW transition associated with a total loss of strain in the
MQW region. The calculations were performed using the finite QW
confinement energy estimates of Singh [16], electron and hole
reduced masses of 0.06m0 [17] and 0.55m0 [18] respectively and
the calculations of the effect of strain on the band structure of
GaAsBi by Batool et al. [19]. The results are shown in Table 1. All of
the calculated well widths are thinner than expected. TEM images
like that shown in Fig. 5 suggest that the well thicknesses are
around 4.870.6 nm. It is probable that the wells are not uniform in
profile, which would explain why the calculated well thicknesses
are larger than the thickness estimated from TEM.

It seems likely that a relaxation event has occurred in QW54 and
QW63 from the XRD and Nomarski measurements and the calcu-
lated redshift associated with the complete relaxation of strain in
the other MQWs is sufficient to account for the observed redshift in
the PL spectra of these samples (56 meV) as seen in Table 1.
However, the estimated quantum confinement energy in each
MQW is also sufficient to account for the observed redshift. These

Fig. 1. Diagram of the p–i–n diode structure grown in this work. The number in
each sample's name is the number of wells in that sample.
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estimates represent upper limits of the redshift associated with
each effect. In practice, it is unlikely that either quantum confine-
ment or strain will be completely lost. Therefore, it seems reason-
able to assume that both effects contribute to the redshift of the PL
spectra from QW54 and QW63. Further investigation is required to
differentiate between the two effects in these layers.

The greatest number of wells grown before the onset of strain
relaxation in this work was 40, at a band gap of around 1.18 eV. The
mean well width in this work is 5.6 nm and, in order to reach 1 eV,
the Bi content of 5.6 nmwells would need to be �8%. The maximum
number of such wells that could be contained in a 620 nm MQW
without dislocation multiplication is around 30. Strain balancing will
be required to realise thicker GaAsBi/GaAs MQWs.

3.5. Comparison with InGaAs/GaAs

The results from this work are compared to those of Griffin et al.
[13] from the InGaAs/GaAs material system in Fig. 6. It seems that
GaAsBi/GaAs MQWs undergo strain relaxation at a similar average
strain–thickness product to InGaAs/GaAs MQWs. The samples
analysed by Griffin et al. were grown at 500 1C [21] and the low
growth temperature used for the GaAsBi layers in this work could
freeze defects into the MQW regions and make them seem less
susceptible to strain relaxation. Even so, this data suggests that
GaAsBi could be a suitable alternative to InGaAs for PV applications

Fig. 2. Nomarski images of a) QW40 and b) QW54.

Fig. 3. Data from the initial XRD characterization of the diodes. a) (004) ω–2θ scans of each diode, the y-axis is on a log scale and the scans have been vertically offset for
clarity and b) the average strain in each MQW region measured by XRD, plotted against the estimated average strain in each MQW region assuming 8 nm wells of 2.83% Bi.
The calculations were performed using the method of Ref. [13]. The error bars were estimated from the range of Bi contents that produced a reasonable fit between the
measured and modelled XRD scans.

Fig. 4. PL spectra from all diodes in this work.

Table 1
Well widths, Bi contents, quantum confinement energies, and strain induced band
gap modifications for each diode in this work. QW54 and QW63 were omitted as
the MQW regions in these diodes are expected to have relaxed. The uncertainties
associated with the parameters in this table are derived from the uncertainties in
the average strain in each MQW as shown in Fig. 3 and the uncertainty in the
estimate of the band gap from the PL spectra.

Sample Estimated
well
width
(nm)

Estimated
Bi content
(%)

Estimated
quantum
confinement
energy
(meV)

Estimated
band gap
modification
due to strain
(meV)

Estimated
first
transition
blueshift due
to strain
(meV)

QW03 6.471.0 4.070.5 59711 6278 51716
QW05 5.370.9 4.870.5 75713 6679 50717
QW10 5.371.0 4.270.5 67713 76711 61720
QW20 5.870.9 4.470.5 66712 6979 53717
QW40 5.070.9 4.570.5 73714 7179 57719
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as the rapid reduction in band gap with Bi incorporation allows for
better tailoring of the absorption edge of the material.

4. Conclusions

GaAsBi/GaAs MQW diodes were grown. Nomarski images of the
sample surfaces and XRD ω–2θ measurements suggest that lattice
relaxation occurred in the diodes with more than 40 wells. The PL
spectra from the diodes with more than 40 wells show a redshift and
attenuation compared to the other diodes. Calculations of the quan-
tum confinement energies and strain induced band gap modifications

of each diode suggest that strain relaxation and a loss of quantum
confinement have occurred in the diodes with more than 40 QWs. The
GaAsBi/GaAs MQWs appear to relax at a similar average strain–
thickness product to InGaAs/GaAs MQWs. This suggests that replacing
InGaAs with GaAsBi in multi-junction photovoltaics could produce a
middle junction with a better optimized band gap. However, strain
balancing with a material such as GaAsP needs to be investigated.
Further work is also required to assess the electrical characteristics of
these diodes for their suitability for photovoltaic applications.
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a b s t r a c t

The incorporation of Bi in GaSb1�xBix alloys grown by molecular beam epitaxy is investigated as a
function of Bi flux at fixed growth temperature (275 1C) and growth rate ð1 μm h�1Þ. The Bi content is
found to vary proportionally with Bi flux with Bi contents, as measured by Rutherford backscattering, in
the range 0oxr4:5%. The GaSbBi samples grown at the lowest Bi fluxes have smooth surfaces free of
metallic droplets. The higher Bi flux samples have surface Bi droplets. The room temperature band gap of
the GaSbBi epitaxial layers determined from optical absorption decreases linearly with increasing Bi
content with a reduction of � 32 meV=%Bi.
& 2015 The Authors. Published by Elsevier B.V. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

The incorporation of a dilute amount of Bi in III–V arsenide
semiconductors has shown great promise for optoelectronics device
applications operating in the near- andmid-infrared ranges [1–5]. The
interest in the incorporation of a dilute amount of N or Bi in GaSb is
similarly motivated by mid-infrared applications as alloying with
these elements produces a large reduction of the band gap per %N or
%Bi, taking the band gap from 1:7 μm for GaSb to beyond 3 μm.

There are recent reports on controlled N incorporation and the
band gap reduction in GaNxSb1�x alloys [6,7]. The incorporation of Bi
as an isoelectronic dopant in GaSb was reported nearly two decades
ago [8,9]. However, very few studies of the growth of GaSb1� xBix
alloys have been reported. A detailed understanding of Bi incorpora-
tion in GaSb is required in order to determine the properties of
GaSbBi alloys and also to be able to develop GaNSbBi alloys lattice
matched to GaSb substrates. The earliest reports on epitaxial GaSbBi
alloys show very low Bi incorporation up to 0.8% [10,11]. The
GaSb1� xBix alloys grown by liquid phase epitaxy (LPE) showed the
expected lattice dilation [11], whereas the initial films grown by
molecular-beam epitaxy (MBE) exhibited lattice contraction with
respect to GaSb [10].

The incorporation of Bi in III–V semiconductors while main-
taining a droplet-free smooth surface is challenging, but is

achievable by using low growth temperatures and a near-
stoichiometric V:III ratio [12–14]. Some recent attempts to grow
GaSbBi alloys with high Bi content show Sb/Bi droplets on the
surface as well as unintentional arsenic incorporation [15]. Our
first studies of growth temperature- and growth rate-dependent
MBE of GaSbBi used a fixed Bi flux and achieved Bi incorporation
of up to 9.6% with high substitutionality and generally metallic
droplet-free surfaces [16,17]. Optical absorption, photoreflectance
and photoluminescence studies showed band gap reduction of
�30–36 meV/%Bi [16,17,19,20]. However, while the Bi flux has
been varied at the same time as varying the growth temperature
in one previous study [10], the effect of Bi flux alone on Bi
incorporation into GaSb has yet to be explored. The present work
deals with the control of Bi content in GaSbBi alloys by varying the
Bi flux, at fixed growth temperature and growth rate, and
determination of the resulting band gap variation.

Fig. 1 shows the calculated k � P band structure close to the Γ
point of GaSb and a GaSb0:95Bi0:05 alloy to illustrate the Bi-induced
band gap reduction based on previous reports [16,17]. The calcula-
tion was carried out under the assumption that the valence band
edge moves according to the valence band anticrossing (VBAC)
model and the conduction band minimum (CBM) shifts according
to the virtual crystal approximation (VCA) [16–18]. Fig. 1(a) also
depicts the localised Bi 6p-like states at 1.17 eV below the GaSb VBM
(valence band maximum) [16]. Fig. 1(b) illustrates the changes in
band edge positions with respect to those of GaSb for a Bi content of
5% of the anion sublattice. According to the VBAC model, the VBM
moves upward by �10 meV/%Bi, whereas the CBM moves down-
ward by 26.0 meV/%Bi.
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2. Experimental details

The GaSbBi epilayers were grown on undoped GaSb(001) sub-
strates by solid-source MBE. The sources and substrate preparation
procedure are described elsewhere [16]. For each GaSbBi film,
a GaSb buffer layer of 100 nm thickness was grown at 500 1C and
the substrate was then cooled to 275 1C. The Bi beam equivalent
pressure (BEP) flux was varied from approximately 2.0�10�8 to
5.8�10�8 mbar. The Sb BEP was fixed at 1.25�10�6 mbar. The
substrate temperature was measured by thermocouple calibrated by
pyrometer measurements. The samples were grown under nomin-
ally slightly group V-rich conditions (Sb:Ga ratio of approximately
1.05:1) using a growth rate of 1:0 μm h�1, at fixed growth tem-
peratures of 275 1C. The film thicknesses were found to be 400 nm
by modelling the interference fringes in 004 HRXRDω–2θ scans and
this was confirmed by RBS.

The Bi incorporation in the GaSbBi epilayers was characterised
using RBS with 3.72 MeV He2þ ions and by HRXRD using a Philips
X'Pert diffractometer equipped with a Cu Kα1 X-ray source
(λ¼0.15406 nm). The surface morphology was investigated by
JEOL JSM-7001F field emission scanning electron microscopy
(SEM), with energy dispersive X-ray spectroscopy (EDS) used to
identify any surface metallic droplets. To remove any droplets,
samples were dipped in dilute HCl (10:1H2O:HCl) for 60 s at room
temperature and then rinsed in deionised water and dried in
flowing nitrogen gas. Transmittance measurements were carried
out at room temperature to determine the band gap of the alloys
using a Bruker Vertex 70 V Fourier-transform infrared (FTIR)
spectrometer, using a liquid nitrogen-cooled HgCdTe detector.

3. Results and discussion

Accurate values of Bi content in GaSbBi films cannot be obtained
from XRDmeasurements of the lattice constant by applying Vegard's
law because the lattice constant of zinc blende GaBi is experimen-
tally unknown. Therefore, RBS was used to calculate the Bi content
in the GaSbBi epilayers. Fig. 2 shows the RBS Bi content in GaSbBi
epilayers as a function of Bi flux. The Bi content increases linearly
with the Bi flux, at fixed growth temperature and growth rate,
reaching 4.5% at the highest flux used. Channeling RBS

measurements show that for up to 3.6% Bi content, the films are
of high crystallinity with greater than 97% of Bi atoms on substitu-
tional group V lattice sites. This falls to 93% for the sample grown
using the highest Bi flux. The error bars in Fig. 2 reflect the
uncertainties in the measurements of the Bi content and Bi flux.
Earlier report on Bi incorporation in GaSbBi was found to saturate
with higher Bi flux [10] and the maximum Bi incorporation was
found to be 0.7% of the anion sublattice. The low Bi incorporation
reported previously even with a high Bi flux (�2.7�10�7 mbar) is
probably due to the high growth temperature (390 1C). Our earlier
report showed that Bi incorporation reduces drastically at higher
growth temperature (�350 1C) [16].

Fig. 3 shows the HRXRD ω–2θ scans of GaSbBi samples with Bi
contents 1.6, 2.7, and 3.6%. In each case, the peak corresponding to the
GaSbBi film is at a lower Bragg angle than that of the substrate. This
corresponds to the expansion of the lattice of the GaSbBi epilayers
with respect to the GaSb substrate. Lattice dilation has previously been
observed in GaSbBi films in our previous temperature-dependent and
growth rate-dependent MBE growth [16,17] and with low Bi content
ðo1%Þ material grown by liquid phase epitaxy [11]. The previously
observed lattice contraction for MBE-grown GaSbBi was explained in
terms of group V vacancies [10]. The Pendellösung interference fringes
observed indicates that the interfaces are smooth and the composition

Fig. 1. (Color online) Band dispersion for (a) GaSb and (b) GaSb0:95Bi0:05 calculated using k � p model. The band gap changes from 720 to 545 meV with the incorporation
of 5% Bi.

Fig. 2. (Color online) RBS Bi content of Bi flux dependent GaSbBi samples. The solid
line is a linear fit to the Bi content.
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is uniform. The diffraction peak from GaSbBi epilayers shifts towards
lower angle with an increase in the Bi flux, indicating more Bi
incorporation in agreement with the RBS results.

The surface morphology of the Bi flux dependent GaSbBi films
was studied using SEM. Fig. 4 shows the SEM images of the GaSbBi
samples with Bi contents 1.6, 2.7, 3.6, and 4.5% grown at Bi fluxes
2.0, 3.5, 4.1, and 5.8�10�8 mbar, respectively. Fig. 4(a) and
(b) shows droplet-free smooth surfaces and are typical of GaSbBi
samples with lower Bi flux ðo4:1� 10�8 mbarÞ. At higher Bi
fluxes, the films show surface Bi droplets. Fig. 4(c) and (d) shows
the formation of Bi droplets, identified by EDS, on the surface of
the GaSbBi films grown at higher Bi fluxes ðZ4:1� 10�8 mbarÞ.
The excess Bi on the growth surface was etched using dilute HCl.
The inset of Fig. 4(d) shows the SEM image of the same sample

after HCl etching. The Bi droplets are completely removed by HCl
etching.

The optical properties of the GaSbBi epilayers as a function of Bi
content were studied using transmittance measurements. The
absorption coefficient, α, was calculated from the transmittance
data. The transmission data from each sample was divided by the
transmission from a GaSb substrate so that the remaining signal
corresponds to transmission through a �400-nm thick GaSbBi layer.
Fig. 5 shows the absorption spectra derived from the transmission
data for the GaSbBi epilayers. The absorption edge energy red shifts
with increasing Bi content. The absorption edge decreases in energy
to 575720 meV as the Bi content is increased to x¼4.5%.

The determined band gaps are plotted in Fig. 6 along with the
data points from our earlier reports on growth temperature- and

Fig. 3. (Color online) HRXRD scans of the 004 Bragg reflection of Bi flux dependent
GaSbBi films on GaSb substrates with Bi content 1.6, 2.7, and 3.6% grown at 275 1C
with nominal growth rate 1 μm h�1.

1 μm 1 μm

1 μm 1 μm

Fig. 4. (Color online) SEM images of GaSbBi samples with Bi contents (a) 1.6, (b) 2.7, (c) 3.6, and (d) 4.5% grown at Bi fluxes 2.0, 3.5, 4.1, and 5.8�10�8 mbar, respectively. The
inset of (d) shows an SEM image of the same sample after HCl etching, indicating the removal of Bi droplets.

Fig. 5. (Color online) The absorption spectra for Bi flux-dependent GaSb1� xBix
films at a growth temperature of 275 1C. The composition of each film is given in
the figure.
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growth rate-dependent samples [16,17]. The band gap reduction for
the Bi flux-dependent samples, obtained by a linear fit of the data
points constrained to pass through 720 meV for GaSb, is found to be
�32 meV/%Bi, greater than the value from the VCA model (dashed
line) of about 25 meV/%Bi [16,18]. Additional band gap reduction has
previously been accounted for by the VBAC model (solid line),
implemented using a 12� 12 k � p Hamiltonian [18]. The band gap
reduction observed for the flux dependent samples is within the
range �30–36 meV/%Bi previously reported for temperature- and
growth-rate dependent samples [16,19,17,21].

4. Conclusion

Epitaxial thin films of GaSb1� xBix with 0oxr4:5% have been
achieved by varying the Bi flux. The samples grown at lower Bi flux
show droplet-free smooth surfaces. All the samples show high
crystalline quality with greater than 97% of the incorporated Bi found
to be substitutional on the group V sublattice. The Bi incorporation is
found to be proportional to the Bi flux. Room temperature absorption
studies show band gap reduction of 32 meV/% as the Bi content of
the GaSbBi alloys is increased.
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a b s t r a c t

The bandedge optical properties of GaAsBi films, as thick as 470 nm, with Bi content varying from 0.7% Bi
to 2.8% Bi grown by molecular beam epitaxy on GaAs substrates are measured by photoluminescence
(PL) and photothermal deflection spectroscopy (PDS). The PDS spectra were fit with a modified Fernelius
model which takes into account multiple reflections within the GaAsBi layer and GaAs substrate. Three
undoped samples and two samples that are degenerately doped with silicon are studied. The undoped
samples show a clear Urbach absorption edge with a composition dependent bandgap that decreases by
56 meV/% Bi and a composition independent Urbach slope parameter of 25 meV due to absorption by Bi
cluster states near the valence band. The doped samples show a long absorption tail possibly due to
absorption by gap states and free carriers in addition to a Burstein–Moss bandgap shift. PL of the
undoped samples shows a lower energy emission peak due to defects not observed in the usually
available thin samples (50 nm or less) grown under similar conditions.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The dilute bismide semiconductor GaAsBi, grown epitaxially on
GaAs substrates, is a promising III–V semiconductor alloy for applica-
tions in the 1.3–1.55 μm wavelength range [1,2]. GaAsBi has a large
spin–orbit splitting which makes it an interesting candidate for
spintronic devices [3]. The large spin orbit splitting may also help
suppress Auger recombination processes involving the spin split-off
hole band for alloys with high Bi concentrations [4]. The bandgap
reduction in GaAsBi alloys varies from 44 to 88meV/% Bi [1,5–7], with
the composition dependence declining with increasing Bi content.
Emission of light in crystalline semiconductors depends on the
continuum states near the bandgap and in the case of disordered
semiconductors on the localized states below the bandgap due to the
presence of structural disorder [8,9]. Recently, Gogineni et al. used
photoluminescence (PL) spectroscopy to study the tail states emission
of GaAsBi quantum wells over the 10–300 K temperature range [10].
They found that the Urbach tail had two characteristic energies: the
low energy part of the Urbach tail is temperature independent with a

characteristic energy of 29 meV while the part of the Urbach tail
nearer to the bandgap is temperature dependent with characteristic
energy of 17–29 meV [10]. Broadening of the main bandgap and spin–
orbit transition has also been observed by Kudrawiec et al. using
modulation spectroscopy [11] and was explained in the context of
Bi-induced changes in the valence band and localized states inside the
energy gap of GaAsBi.

In this paper, we use the mirage effect photodeflection spectro-
scopy (PDS) technique to measure the absorption of GaAsBi thick films
(up to 470 nm) grown by solid source molecular beam epitaxy (MBE)
with Bi concentrations up to 2.8% and compare the results with the
photoluminescence (PL) spectra. We extracted GaAsBi absorption
bandedge parameters by modifying the Fernelius [12] extension to
the Rosencwaig–Gersho [13] PDS model to account for multiple
reflections [14] in the sample as was used previously to measure the
bandedge of GaAsN films [15]. Photothermal deflection spectroscopy
[16] is a powerful technique for the investigation of low absorptions in
thin films. PDS holds several advantages over transmission measure-
ments, the method most commonly used to measure absorption. A
major limitation of transmission is that it cannot distinguish between
light absorption and scattering effects. PDS is relatively insensitive to
scattering since only the absorbed light produces thermal effects. PDS
is also sensitive to weak absorptions and was shown to reliably detect
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an absorbance of �10�5 as opposed to �10�2 commonly demon-
strated for transmission techniques [16,17]. Since the PDS signal
depends on the thermal as well as the optical properties of the
samples, extraction of the optical absorption coefficient requires
modeling [12–15].

2. Experiment

Three (3) nominally undoped GaAsBi films and two Si-doped
GaAsBi films, ranging from 230 nm to 470 nm in thickness, were
grown on 350 μm thick rough backside semi-insulating GaAs(001)
substrates in a VG-V80H MBE reactor as described by Lewis et al [18].
During operation, the MBE shroud was cooled to approximately
�80 1C with a polysiloxane heat transfer fluid (instead of conven-
tional liquid nitrogen cooling) [19]. Ga type effusion cells were used
for Ga and Bi and a valved As cracker was used for As2. The GaAs
buffer layers were grown at substrate temperatures between 550 1C
and 575 1C as measured by diffuse reflectance spectroscopy (DRS)
[20], with As2:Ga beam equivalent pressure ratio (BEPR) between
7 and 12 and a growth rate of 1 μm/h. To grow the GaAsBi layers, the
As2:Ga BEPR is reduced between 2.5 and 3.2 (atomic flux ratio
between 1.1 and 1.4) while the growth temperature is decreased to
330 1C. A Bi flux (BEP between 1�10�8 Torr and 5�10�8 Torr) is
added while maintaining a growth rate of 1 μm/h. A Si flux from a
standard solid source Si effusion cell was present during the growth of
the two doped GaAsBi layers, resulting in Si concentrations of
3�1018 cm�3 and 1�1019 cm�3. Hall measurements gave free
carrier concentrations of 1�1018 cm�3 and 3�1018 cm�3, indicating
high concentrations of compensating acceptors in the samples.

High resolution x-ray diffraction (HRXRD) (004) θ–2θ scans of the
GaAsBi/GaAs samples, collected with a Bruker D8 Discover system, are
shown in Fig. 1. The Bi contents and layer thicknesses, reported in
Table 1, were obtained by dynamically simulating the (004) HRXRD
scans assuming uniform pseudomorphic GaAsBi layers and Vegard's
law with a GaBi lattice constant of 6.33 Å extrapolated from Ruther-
ford backscattering spectrometry measurements [6]. The scans show
clear Pendellösung fringes, suggesting abrupt interfaces, and the
simulations gave good agreement with the data. For the doped
samples, the effect of Si incorporation on the GaAsBi lattice constant
is negligible compared to the effect of Bi. In addition to symmetric
(004) HRXRD scans, asymmetric reflection reciprocal lattice maps
(RLM) were collected in a different lab using a Philips X'Pert Pro MRD
system equipped with a triple axis crystal. Fig. 2 shows the RLM for
one of the undoped samples, with 2.2% Bi, and one of the doped
sample with 2.8% Bi. The asymmetric scans were optimized along one
of the (011) directions and a second RLM was collected for the same
sample along the other (011) direction by rotating the sample by 901.
The layer peaks line up along the kǀǀ direction, indicative of negligible
relaxation in the films. (004) Symmetric scans performed on the
Philips diffractometer gave results identical to those obtained on the
Bruker machine.

Photoluminescence from the undoped samples was excited at
room temperature with a 532 nm frequency-doubled Nd:YLF laser
with 20 ns long pulses at a 2 kHz repetition rate, having an average
power of 2.6 mW. The spectra were collected in the wavelength range
700–1300 nm with an optical spectrometer equipped with a liquid
nitrogen cooled InGaAs array detector. Spectra were corrected for the
throughput of the optical system.

The optical absorption of the series of samples was measured using
PDS in the spectral range 1100–700 nm in 2 nm steps. In mirage effect
PDS, a modulated monochromatic light source at normal incidence to
the sample is used as a pump. When the pump beam is absorbed, it
creates a periodic heating of the sample which causes a temperature

Fig. 1. (004) θ–2θ HRXRD scans of the undoped (solid lines) and doped (broken
lines) GaAsBi/GaAs samples. The compositions and thicknesses of the GaAsBi layers
are obtained by dynamically simulating the (004) scans. Scans are offset for clarity.

Table 1
Summary of sample properties and PL and PDS results for the GaAsBi films.

Sample # x (% Bi) ND–NA(cm�3) Thickness (nm) PL (eV) From PDS fits

Bandedge Defects Eg70.004 (eV) E0 j �2
þ5 ðmeVÞ

r2358 0.7 – 470 1.38 1.20 1.384 27
r2300 1.0 – 240 1.36 1.21 1.364 26
r2301 2.2 – 450 1.28 1.17 1.305 25
r2372 1.2 1�1018 230 1.38 25
r2382 2.8 3�1018 230 – – 1.33 70

Fig. 2. Asymetric (115) reciprocal lattice maps (RLM) for sample R2301 (undoped,
2.2% Bi) and R2382 (doped, 2.8% Bi). The RLMs are collected along both (011)
directions. The RLMs show that the films grow coherently on the GaAs substrates.

M. Beaudoin et al. / Journal of Crystal Growth 425 (2015) 245–249246



gradient dΘ/dx, in the medium immediately in front of the sample. By
choosing a medium whose refractive index depends on temperature,
dn/dΘ, a modulated refractive index gradient is induced near the
sample surface. A laser probe beam passing through this refractive
index gradient, grazing the surface of the sample, will be deflected by
its lensing effect with an angle, ϕ, that depends on the absorption of
the sample. Our PDS setup uses a quartz tungsten–halogen lamp
(150W), a 0.5 m f/4 monochromator, a CCl4 thermal deflection
medium and a position sensitive detector (UDTs) with a home built
preamplifier whose output is fed into a lock-in amplifier. All data
presented here has been collected at a chopper frequency of 18 Hz. In
PDS, since the signal depends on the thermal response in addition to
optical response [12,13], higher frequencies yield information closer to
the sample surface while lower frequencies yield information deeper
inside the sample. In practical terms, higher frequencies tend to
improve the PDS signal to noise ratio while reducing the absolute
magnitude of the signal (for 18 Hz used in our experiments, the signal
comes from the entire sample thickness including the substrate). The
probe beam is sourced from a 4 mW, 632 nm laser diode focused to a
waist size of less than 15 μm in front of the sample. Samples for PDS
were cleaved into pieces about 1 mm wide (the PDS interaction
length) by 8 mm long. The data was collected using LABVIEWs

software. Normalization is achieved by dividing the raw PDS spectra
with a PDS spectrum collected from a 1mm wide sample of
graphite paint on glass. Each spectrum is then normalized to its
saturation value.

3. Results and analysis

Fig. 3 shows PL emission from the undoped GaAsBi layers. The
higher energy peak in each spectrum corresponds to the band edge
emission and the lower energy peak is believed to correspond to
emission from localized states. The energies of the PL emission edge
are reported in Table 1; it should be noted that the position of this
edge is only an approximate measure of the bandgap. The 1.0% Bi film
band edge emission appears as a doublet, possibly due to slight
composition non-uniformity within the film: we reported the higher
intensity (lower energy) peak in Table 1. It should be noted that the
localized states emission is not generally observed in thin GaAsBi
samples (typically less than 50 nm thick) grown under the same
conditions. It is reasonable to observe such emission in thick samples
even if it is absent from thin samples. In thin samples, the electron–
hole pairs have a reduced diffusion length, making it more difficult for
carriers to find the isolated deep levels.

Fig. 4 shows the normalized PDS spectra for the undoped
samples in this study; the spectra are plotted on a log scale and

shifted for clarity. The PDS spectrum from a semi-insulating GaAs
substrate is also shown on the same figure for comparison. The
GaAsBi PDS spectra show a low energy shoulder, from the GaAsBi
absorption, superimposed on a higher energy spectrum due to the
GaAs substrate absorption. The onset of the low energy shoulder is
indicative of the GaAsBi bandgap while its steepness depends on
the sharpness of the absorption edge.

To extract the substrate and film absorption, we fit the normal-
ized PDS spectra using the Fernelius [12] extension to the
Rosencwaig–Gersho [13] one dimensional (1D) model theory,
which includes the effect of a thin absorbing film on an absorbing
substrate as adapted by Chan and Beaudoin [14,15] to account for
multiple reflections within the film and substrate. The full details
of this model can be found in reference [14] The GaAs substrate
and the GaAsBi film absorption coefficients, αS and αC respectively,
are modeled with the Urbach expression

αs;cðhνÞ ¼
αdðhνÞþα0exp

hν�Eg
E0

� �
; hνrEg

αdðhνÞþα0þA0ðhν�EgÞ; hν4Eg

8<
: ð1Þ

where hν is the photon energy, the exponential term represents
the Urbach edge absorption, Eg the optical bandgap and E0 the
Urbach parameter, are the quantities we extract from the fit. The
values for Eg and E0 for GaAs are taken from Beaudoin et al. [8]
while the bandgap absorption coefficient α0¼8000 cm�1 and the
above bandgap slope A0¼56,300 cm�1 eV�1 are taken from
Sturge [21]. We found that below the Urbach edge, the best fit to
our PDS data for the GaAs substrate was obtained with
αdðhνÞ ¼ ð11:1�9:1=hνÞ cm�1; although this is not a physical fit,
it does agree very well with other published PDS data for GaAs
[22] and is valid for the energy range over which we are probing
(hν4 1.13 eV; λo1100 nm). These GaAs model parameters were
kept constant in all fits to the GaAsBi thin films; we set αd(hν)¼0
for the GaAsBi subgap absorption because it does not contribute
significantly to the PDS signal since the substrate absorption
dominates at those energies. More details on the fitting procedure
can be found in reference [15].

Fig. 5 shows a typical fit (red line) of the model to data (open
blue circles) for the undoped samples. The extracted Eg and E0
values and their estimated uncertainties are reported in Table 1.

Fig. 3. Room temperature PL spectra of the undoped GaAsBi/GaAs samples. Note a
high energy peak associated with GaAsBi bandedge absorption and a low energy
peak due to localized states.

Fig. 4. PDS spectra of the undoped GaAsBi films showing clear low energy
absorption due to GaAsBi overlayed on the GaAs background absorption. GaAs
PDS is shown for comparison. The spectra are shown on a log scale and shifted for
clarity.
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The MATLAB cftool function returned uncertainties of 74 meV for
Eg and 75 meV for E0. By doing simulations instead of fits and
visually comparing the results with the PDS spectra, we believe
these uncertainties are quite representative of the Eg error while
the error bars for E0 are different: uncertainty is �2 meV lower or
þ5 meV higher than the values reported in Table 1. For the
3 undoped samples, simulations with E0 ranging from �2 meV
to þ5 meV difference from the values reported in Table 1 still gave
acceptable fits. The Urbach parameter is, within fitting uncertainty,
constant at �25 meV. This value is consistent with the results of
Gogineni et al. [10] on GaAsBi quantum wells and is higher than
the E0 values of dilute nitride (GaAsN) which were found to be
�18 meV in the previous studies [15]. This E0 value can possibly be
explained by the presence of Bi clusters states near the valence
band. Clusters of Bi atoms will form randomly and Bi nano-
clustering has been demonstrated by Z-contrast imaging [23]. Bi
clustering effects have also been evidenced by the Monte-Carlo
simulation work of Imhof et al. on the temperature depencence of
photoluminescence in 30 nm thick GaAsBi films [24]. Since there is
no reason to expect these states to have a well defined energy,
broadening into an exponential distribution depending on the
local density is reasonable.

Fig. 6 shows the PL and PDS deduced bandgaps as a function of
Bi concentration in the films along with linear least squares fits
where the 0% Bi intercept is fixed at the GaAs value. For the
undoped samples, fitting the PL data yields a bandgap reduction of
66 meV/% Bi while the fit to the PDS data gives a bandgap
reduction of 56 meV/% Bi. While both are within the reported
bandgap variations for this material system [1,5–7], we note that
the absorption (PDS) deduced bandgap is at a higher energy than
the PL emission. This is consistent with previous studies, for
example our own on GaAsN films [15] and is expected since PL
emission takes place below the gap in the tail states.

Janotti et al. [25]. performed theoretical calculations of GaAs(N)
(Bi) alloys using the density functional theory (DFT) [25,26], and
predict a quadratic dependence (bowing) of the bandgap on Bi
composition. For Bi compositions below 3% Bi, their model is well
approximated with a linear reduction of 50 meV/% Bi; this is very
close to the bandgap we determine here from PDS. While a similar
offset between PL and PDS gaps, where PL emission is at a lower
energy, have also been observed in the past for low N content
GaAsN epitaxial films [15], the effect for the GaAsBi samples
shown here is more pronounced, especially for the 2.2% Bi film.

Fig. 7 shows the PDS spectrum of the Si doped sample with
2.8% Bi (r2382). The spectrum is broad with a long low energy
tail; this spectrum can be well fit by assuming a film with an

absorption profile in the form of Eq. (1) with a large Urbach tail of
E0¼70 meV. The long low absorption tail is likely due to absorp-
tion by gap states. Since high Bi content samples are usually p-type
[27], acceptor-like states are introduced by the Bi clustering. These
states will absorb when the material is n-doped and will broaden
E0 in addition to the usually observed E0 increase that is intro-
duced by high doping in GaAs [28]. Sample r2372, with a carrier
concentration of 1�1018 cm�3, has a PDS spectrum not much
different from that of pure GaAs; our best fit to the PDS gave
Eg¼1.38 eV and E0¼25 meV. In this low range of Bi contents, Bi
cluster densities are expected to increase as the Bi content raised
to the power of the cluster size [29]. Therefore, the higher
Bi-content in sample r2382 can result in much higher concentra-
tions of localized states than for the other samples. For these
doped samples, the PDS deduced bandgaps are larger than would
be expected from the Bi concentrations in the films. At carrier
densities above mid 1017 cm�3, n-type GaAs becomes degenerate
[30], hence, the larger absorption bandgap is likely due to the
Burstein–Moss shift [31]. Hall effect measurements of these sam-
ples gave carrier concentrations of 1�1018 cm�3 and 3�
1018 cm�3 carriers which yields a Burstein–Moss shift of up to
0.11 eV if one assumes the same effective masses as GaAs. Hence,
the bandgap deduced from PDS for the doped samples is consis-
tent with both a bandgap reduction from Bi incorporation and a

Fig. 5. Typical PDS fit, red line, to the data sample r2301 (2.2% Bi and 450 nm
thick). (For interpretation of the references to color in this figure legend, the reader
is referred to the web version of this article.)

Fig. 6. Bandgap of the undoped GaAsBi samples deduced from PL ( ) and the
undoped ( ) and doped (♦) samples deduced form PDS. The lines are linear least
squares fits to the data with the 0% Bi intercept fixed at the GaAs value. The
56 meV/% Bi bandgap reduction extracted from PDS closely matches the DFT
predictions of the Janotti [25] model.

Fig. 7. PDS fit, red line, to the doped GaAs0.972Bi0.028 sample (r2382). The modeled
fit with Eg¼1.33 eV and E0¼70 meV is indicative of absorption by filled acceptor-
like states below the bandgap, which do not absorb in undoped materials. The
higher than expected Eg is due to the Burstein–Moss shift. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of
this article.)
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Burstein–Moss shift due to Si doping. These bandgaps are also
shown in Fig. 6.

4. Conclusion

In conclusion, using PL and PDS, we have measured the room
temperature bandedge optical properties of MBE grown GaAsBi
films ranging from 230 nm to 470 nm in thickness. In addition to
the edge emission, the PL spectra also have a lower energy
emission peak that is not observed in thin samples (50 nm or
less) grown under similar conditions. While both the PL edge
emission and PDS deduced bandgap closely follow the reported
gap reduction cited in the literature for GaAsBi, the bandgap
extracted by PDS more closely follows the predictions from first
principles DFT calculations of Janotti et al. [25]. While it is common
for PL emission to be at lower energy than absorption deduced
bandgaps, we find that for the films studied, this difference is
larger than for other materials systems, such as GaAsN [15]. This
result is consistent with GaAsBi having a larger Urbach parameter.
For undoped GaAsBi samples a composition independent Urbach
parameter E0 value of 25 (�2/þ5) meV is found for our samples.
We attribute this E0 to absorption by localized Bi cluster states
near the valence band. For degenerately Si-doped GaAsBi films, we
find a smaller PDS deduced bandgap reduction consistent with a
Burstein–Moss shift and a broad 70 meV exponential absorption
tail possibly from filled acceptor-like states which do not absorb in
undoped materials.
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a b s t r a c t

The microstructure of InAs1�xBix (x�4.5% and �5.8%) films and Bi-mediated InAs/InAs1�xSbx type-II
superlattices grown by molecular beam epitaxy on GaSb (0 0 1) substrates has been investigated by
electron microscopy techniques. Lateral compositional modulation exists in both smooth and hazy
regions of all InAsBi films observed but no atomic ordering is apparent using current imaging
projections. Surface droplets present in hazy regions assume a zincblende crystalline structure that is
usually tilted relative to the underlying dilute bismide film. Study of Bi-mediated InAs/InAs0.81Sb0.19
type-II superlattices indicates that the InAs-on-InAsSb interface still appears broadened relative to the
InAsSb-on-InAs interface.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

III-V-Bi alloys have potential applications in uncooled long-
wavelength infrared photo-detectors and lasers due to their large
bandgap reduction and relatively temperature-insensitive band gap,
and the synthesis of dilute bismides has been actively pursued with
different growth techniques to take advantage of such properties
[1–4]. Despite the great promise that the dilute bismides hold, the
successful growth of such thin films is very challenging and suffers
from a large miscibility gap because the alloys are formed through
isoelectronic substitution of group-V elements with very different
atomic size. Microstructural studies done on epitaxial GaAs1�xBix
films grown by molecular beam epitaxy (MBE) have shown that the
film morphology departs from homogeneity in several ways, includ-
ing phase separation [5], atomic ordering [5,6] and surface-droplet
formation [7], despite all the efforts directed towards optimizing the
growth. In comparison, the growth of InAs1�xBix alloys by MBE has
only recently been established [8–10], and there is a need for detailed
microstructural study of such alloys.

An alternative design for long-wavelength infrared photo-detection
is the strain-balanced type-II superlattice (T2SL) system [11], where
bandgap engineering can be achieved by varying the superlattice
period (layer thickness/composition) and coherent interfacial strain.

Recent progress has been made in the design, growth and character-
ization of Ga-free InAs/InAs1�xSbx T2SL with very high structural
quality, and the SL interface abruptness seems to play a significant role
in affecting the emission properties [12–14]. Growth front coverage
with surfactants of at most a few monolayer thickness has been used
inMBE to help improve the surface/interface morphology andmaterial
properties. For example, Sb was used as a non-reactive surfactant for
the growth of AlGaAs, and the surface morphology was improved at
all growth temperatures investigated [15]. It continues to be of interest
to investigate the effectiveness of surfactants on interface roughness.

In this study, the microstructures of 1-μm InAs1�xBix films and
bismuth-mediated InAs/InAs1�xSbx type-II superlattices grown on
GaSb (0 0 1) substrates were investigated by transmission electron
microscopy (TEM). Incorporation of bismuth into the InAs1�xBix
films was studied with different imaging techniques, while the
emphasis for the T2SL studies was on characterization of the inte-
rface abruptness and thus the possible beneficial effect of the Bi
surfactant.

2. Experimental details

All samples were grown on (0 0 1) GaSb substrates using a VG-
V80H solid source MBE system. The two InAs1�xBix samples
(x�4.5% and �5.8%) investigated here were grown at a substrate
temperature of 280 1C with different V/III flux ratios. As shown by
the schematic in Fig. 1(a), after growth of the 600-nm-thick GaSb
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buffer, a 15-nm InAs spacer layer was grown, followed by a 1-μm
InAs1�xBix film and a 10-nm InAs capping layer. The T2SL sample
studied consisted of 56.5 periods of 8-nm InAs1�xSbx (x¼19%) and
9-nm InAs layers, as indicated in Fig. 1(b), and was grown at a
substrate temperature of 430 1C. The Bi flux (Bi/In flux ratio¼3%)
was switched on during growth of the last 40 nm of the GaSb buffer
layer, and was kept on throughout the growth of the entire super-
lattice structure as well as the 100-nm GaSb capping layer. Addi-
tional growth details are provided elsewhere [10].

TEM samples were prepared for cross-section observation along
〈1 1 0〉-type projections using standard mechanical polishing and
dimple grinding, followed by argon-ion-milling (maximum beam
energy 2.3 keV) under liquid-nitrogen cooling in order to reduce the
ion-beam damage [16]. Electron microscopy was performed using a
JEOL JEM-4000EX high-resolution electron microscope with an accel-
erating voltage of 400 kV and structural resolution of 1.7 Å. Geometric
phase analysis (GPA) to extract information about interfacial strain [17]
was applied to the high-resolution electron micrographs using a Digital
Micrograph script [18].

3. Results and discussion

3.1. InAs1�xBix alloys

All surfaces of the InAs1�xBix films had smooth droplet-free regions
and hazy droplet-forming regions [10], and measurements using X-ray
diffraction (XRD) indicated less Bi incorporation in InAs1�xBix films
under the hazy regions. Moreover, broadened X-ray peaks were
observed for the droplet-free regions, suggesting non-uniform compo-
sition [10]. Reciprocal space maps in the vicinity of the (1 1 5) reflection
indicate that the InAsBi layers are pseudomorphically strained to the
GaSb substrate.

The first sample studied by TEM had a maximum Bi incorporation
of 5.8% as measured by (0 0 4) ω�2θ high-resolution XRD scan,
assuming a theoretical lattice-constant calculation for InBi. A TEM
sample was prepared from the droplet-free region. As indicated by the
bright-field image in Fig. 2(a), very few structural defects were visible
over wide lateral distances. Selected-area electron diffraction patterns,
as shown by the inset, gave no indication of atomic ordering along this
viewing projection. Diffraction-contrast images such as Fig. 2(b) gave
enhanced contrast due to differences in mass/thickness: The vertical
stripe features visible in this micrograph thus indicate the occurrence
of lateral compositional modulation on the scale of several tens of
nanometers.

High-resolution electron micrographs to investigate the interfacial
coherence were taken close to the substrate, and near the top, of the
InAs1�xBix films, as shown in Figs. 3(a) and 4(a), respectively. These
lattice-fringe images showed the excellent crystallinity of the film. The

technique of geometric phase analysis can then be used to extract
both in-plane and out-of-plane strain across the epitaxial layers,
where the out-of-plane strain (in the 〈0 0 1〉 growth direction) due
to the tetragonal distortion of the alloy lattice is defined by the
expression:

ξzz ¼
calloy�creference

creference
ð1Þ

In Eq. (1), c is the lattice parameter along the growth direction.
The in-plane strain (not shown) extracted from both images was

negligible, as expected. For the out-of-plane strain analysis of the
lattice-fringe image recorded close to the substrate, the unstrained
GaSb buffer layer was used as the reference in Eq. (1). The InAs spacer
under tensile strainwas readily identifiable in the strain map obtained
and in the averaged line profile (averaged perpendicular to the growth
direction). Bi started incorporating into the InAs1�xBix layer shortly
after, if not immediately after, growth of the InAs spacer layer, as
evident from the reduced tensile strain in the InAs1�xBix layer
compared with that in the InAs spacer. Bi incorporation increased
the lattice spacing in the InAs1�xBix film, which is similar to the lattice
expansion observed in GaAsBi [19], but contrary to the cases of lattice
contraction in GaSbBi or InSbBi [20]. Thus, its lattice mismatch is
reduced with respect to the unstrained GaSb buffer. However,
insufficient Bi was incorporated to achieve exact lattice match so that
the InAs1�xBix layer remained under slight tensile strain.

Fig. 4(a) shows the excellent crystallinity near the top surface, and
the coherent interface between the InAs1�xBix film and the InAs
capping layer. Again GPA analysis brings out the strain information
embedded in high-resolution micrographs and the out-of-plane strain
map obtained is shown in Fig. 4(b). In this case, the InAs capping layer
was used as the reference. Thus, the InAs1�xBix was under compres-
sive strain as shown by the positive strain value in the averaged line
profile (Fig. 4(c)). A qualitative comparison of the averaged out-of-
plane strain in the InAs1�xBix film close to the cap in Fig. 4(c) and
close to the substrate (Fig. 4(d), obtained from further GPA analysis
of Fig. 3(a) but using InAs as the reference) shows that the strain
difference of the InAs cap and the top region of the InAs1�xBix film is
less than that of the InAs spacer and the bottom region of the
InAs1�xBix film, indicating that less Bi was incorporated close to the
top of the InAs1�xBix film.

The second sample investigated by TEM had a maximum Bi
incorporation of 4.5%, as determined from the (0 0 4) ω�2θ high
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GaSb Buffer (40 nm) 

GaSb Buffer (0.5 µm) 

InAs (9 nm) 

56.5 periods in total 

B
i Surfactant 

Fig. 1. Schematic illustration of samples studied: (a) InAs1�xBix alloys and (b) Bi-
mediated InAs/InAs1�xSbx T2SLs.
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Fig. 2. (a) Bright-field TEM image of InAs0.942Bi0.058 alloy sample and the correspond-
ing selected-area electron diffraction pattern (inset); (b) diffraction contrast image
showing vertical stripe features, indicating lateral compositional modulation.
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Fig. 3. (a) High-resolution image of InAs0.942Bi0.058 sample showing region close to the GaSb buffer, (b) corresponding out-of-plane strain map, and (c) average strain line profile.
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Fig. 4. (a) High-resolution image of InAs0.942Bi0.058 sample showing region close to the top InAs capping layer, (b) corresponding out-of-plane strain map, (c) average strain
line profile, and (d) the average out-of-plane strain line profile obtained from further GPA analysis of Fig. 3 (a) using InAs as the reference.
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Fig. 5. (a) Bright-field TEM image of InAs0.955Bi0.045 sample, and (b) diffraction contrast image showed vertical stripe features, indicating lateral compositional modulation.
Horizontal growth defects also visible.
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resolution XRD scan. In this case, the TEM sample was prepared from
the droplet-forming region. The bright-field image in Fig. 5(a) shows
vertical stripe features similar to Fig. 2(b), as well as surface droplets at
the surface (example arrowed in Fig. 5(b)). No apparent atomic
ordering was visible, although horizontal growth defects were some-
time observed—see the example in Fig. 5(b).

The lattice-fringe image of a representative surface droplet, which
is about 100 nm in length and 40 nm in maximum height is shown
in Fig. 6(a). Twinning and V-shaped surface grooves ((1 1 1) surface
faceting) were observed in the droplet. Fast-Fourier-transform analysis
was performed from regions of the capping layer (Fig. 6(b)) and the
droplet (Fig. 6(c)), respectively, and the measured spacings of different
lattice planes and angles were labelled. Judging from the length ratio
and the angle between diffraction vectors in the diffractogram, the
surface droplet has adopted a distorted zincblende structure, with a
lattice constant in the range of 0.64–0.67 nm and an �801 tilt away
from the matrix. EDX analysis performed on various droplet positions
indicates that the droplet consists predominantly of Bi. In comparison,
Bi-rich zincblende Ga(As, Bi) clusters and rhombohedral Bi clusters
were reported for GaAsBi after annealing [21], and InBi clusters with
distorted PbO structure were reported in InAsBi [22]. Such phase
separation is attributed to the difficulties associated with Bi
incorporation.

3.2. Bi-mediated InAs/InAs1�xSbx type-II superlattices

The low-magnification bright-field images of the whole InAs/
InAs0.81Sb0.19 superlattice stack, such as the examples shown in
Fig. 7 where the bottom half and top half of the T2SL were captured,
indicated no extended structural defects over wide lateral distances.
The averaged intensity line profile of the higher magnification bright-
field image shown in Fig. 8(a) was extracted in order to study the
interface abruptness and the effect of the Bi surfactant. The valleys
shown in Fig. 8(b) correspond to InAs layers while the peaks
correspond to the InAsSb layers. The gradual intensity drop at the
interface of InAs-on-InAsSb compared to the interface of InAsSb-on-

InAs indicated interfacial broadening, as observed previously for
samples grown without any surfactant [13]. Thus, it appears that
use of the Bi surfactant during growth did not significantly improve
the asymmetrical interfacial abruptness.

4. Conclusions

Bright-field and diffraction contrast imaging has revealed that
lateral compositional modulation on the scale of several tens of
nanometers exists in both the smooth and hazy regions of the
InAs1�xBix alloy films. However, no atomic ordering was observed in
selected area electron diffraction patterns. The surface droplets seem
to assume a tilted zincblende structure in the hazy regions, with a
lattice constant between those of InAs and InBi, which is possibly a

(110) 

(001)

Fig. 6. (a) High-resolution image showing surface droplet on the InAs0.955Bi0.045
film. Fast Fourier transform from square region of interest chosen in (b) capping
layer, (c) droplet region, with measured spacings of different lattice planes and
angles as shown labelled.

GaSb 
substrate 

(001) 

Fig. 7. (a) Bright-field images of Bi-mediated InAs/InAs0.81Sb0.19 T2SL showing:
(a) bottom half, and (b) top half, also indicating no extended defects over large
lateral distances.
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InAs0.81Sb0.19
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Fig. 8. (a) Bright-field TEM image showing upper part of InAs/InAs0.81Sb0.19 T2SL,
and (b) the averaged line intensity profile from region indicated in (a).
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phase of InAs1�xBix. As evident from the averaged line intensity
profile of bright-field image of the Bi-mediated InAs/InAs0.81Sb0.19
type-II superlattices, the InAs-on-InAsSb interface appears to be
broadened compared with the InAsSb-on-InAs interface.
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a b s t r a c t

Highly mismatched GaN1�xSbx alloys were grown under N-rich conditions at low substrate tempera-
tures (325–550 1C) at a growth rates of �0.09 μm/hr on sapphire. The alloys ranged in Sb composition
from 0% to 16%, with the bandgap shifting from 3.3 to 1.6 eV in accordance with the band anticrossing
(BAC) model. We compare these results to growths from another chamber, having a different N source,
and using a faster growth rate (�0.24 μm/hr), much lower substrate temperatures (as low as 80 1C),
different III/V ratios and absolute fluxes. Despite the range of morphologies obtained, all alloys follow the
predictions of the BAC model with the bandgap only depending on the Sb composition.

Published by Elsevier B.V.

1. Introduction

Highly mismatched alloys (HMAs) based on GaN have small
fraction of a group V element, such as As or Sb incorporated in the
N sublattice. The ‘mismatch’ refers to the large difference in electro-
negativity and/or size between the anion of the host alloy (N) and the
minority incorporant (As or Sb). Although adding such mismatched
components invokes challenges such as phase segregation and the
introduction of strain, there are benefits in terms of the drastic
increase in the range of the bandgaps normally inaccessible to GaN-
based compounds. In accordance with the band anticrossing (BAC)
[1] model, first-principle density functional theory (DFT) [2], and
with experimental evidence, very small amounts of Sb (5%), for
instance, reduce the bandgap of the alloys from �3.4 eV to 2.0 eV.
This is a bandgap size that is of interest for solar water splitting
applications, which require an inert, robust material like GaN.

The challenge of growing GaN based HMAs involves an enormous,
largely unexplored parameter space. The N source type and efficiency
is a major parameter, as are the power it is operated at and the N
flow rate. The Sb or As absolute flux and III/V ratios, and the Ga
growth rate are also major factors. Even the substrate choice is not
obvious. Since the bandgap properties seem to be unaffected by the
crystal morphology [3], and since we are growing at substrate

temperatures that are well below what it is typical for high quality
GaN, we are exploring the other numerous growth parameters using
relatively inexpensive sapphire substrates. Certain device properties,
however, may ultimately require that this technology be refined on
better quality SiC substrates with buffer layers or GaN templates.

2. Experiment

The samples from our previously published studies [4,5] were
grown in a MOD-GENII system with a HD-25 Oxford Applied
Research rf activated plasma source to provide active nitrogen, and
elemental Ga and Sb were used as the other sources. We are now
growing these samples in an additional GENII system with a Veeco
Uni-bulb plasma source to provide active N, elemental Ga and a
Veeco valved cracker-sources for Sb. In both systems the uncoated
sapphire substrate temperature was set by the thermocouple. The
source and pumping arrangement in the second system produces
significantly less atomic N; therefore we have to grow at a lower rate.
Samples produced in this second chamber are the subject of
this paper.

Because phase separation is a likely problem for growths at
typical (�800 1C) GaN temperatures, we have focused on much
lower growth temperatures, with many of our published studies
discussing samples grown at 80 1C [4,5]. For this paper, we are
exploring samples grown at somewhat higher temperatures, typi-
cally from 325 1C to 550 1C. Previously we have shown that under

Contents lists available at ScienceDirect

journal homepage: www.elsevier.com/locate/jcrysgro

Journal of Crystal Growth

http://dx.doi.org/10.1016/j.jcrysgro.2015.02.065
0022-0248/Published by Elsevier B.V.

n Corresponding author. Tel.: þ1 301 394 5761.
E-mail address: wendy.l.sarney.civ@mail.mil (W.L. Sarney).

Journal of Crystal Growth 425 (2015) 255–257

www.sciencedirect.com/science/journal/00220248
www.elsevier.com/locate/jcrysgro
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.065
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.065
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.065
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.065&domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.065&domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.065&domain=pdf
mailto:wendy.l.sarney.civ@mail.mil
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.065


Ga-rich conditions growth condition at low growth temperature
(�80 1C), the optical properties of GaN was dominated by a defect
state and it was not possible to control the bandgap by increasing the
Sb-concentration in the alloy. In this study, we have grown all
subsequent samples under N rich conditions. We note that growing
under group V rich conditions is advantageous for most III–V
semiconductors, such as GaAs, but it is not typically used for high
quality GaN films [6]. The composition of the films was determined
by Rutherford Backscatter Spectroscopy and the bandgaps deter-
mined from optical transmission measurements by linear extrapola-
tion of the absorption coefficient to zero intensity.

3. Results and discussion

Our past studies from samples grown at higher growth rates
(�0.24 μm/hr) showed that GaN grown at 80 1C was polycrystal-
line and columnar, and that the crystallinity markedly decreased
as any Sb was incorporated and the films eventually became
amorphous for Sb compositions exceeding 7% [4,5]. We find that
for slower growth rates (�0.09 μm/hr), the crystallinity is main-
tained for higher Sb incorporations as the substrate temperature is
raised. For instance, at 325 1C, we incorporated up to 16% Sb, and
the polycrystalline morphology was maintained, although the
preferential alignment with the substrate diminished.

The absolute Ga and Sb fluxes were determined from reflection
high-energy electron diffraction (RHEED) oscillations: Assuming
unity sticking, the GaSb growth rate was recorded as a function of
decreasing Sb over pressure and the 1:1 flux defined at the point
when the rate began to decrease (the onset of group V limited
growth). The growth rate was converted to flux using the known
lattice constant of the substrate. In another experiment the (fixed)
N-flux was determined from the chemical composition of GaN as a
function of a linearly increasing Ga-flux, using in-situ Auger
electron spectroscopy. The 1:1 flux was defined at the point when
the N-signal began to disappear due to formation of metallic Ga
[7]. The Ga-flux as a function of temperature was known from the
mentioned GaSb RHEED experiment.

For the first series of HMAs samples, we fixed the substrate
temperature at 325 1C, the N flux at 2.00�1018 at/(m2 s), the Ga
flux at 2.35�1018 at/(m2 s), and the Sb flux ranging from 0 to
7.82�1018 at/(m2 s). The Sb mole fraction (x) in GaN1�xSbx as a
function of Sb/N is plotted in Fig. 1a, and the region in the inset is
expanded in Fig. 1b. As with any alloy system, to first order, the Sb
concentration can be described by ½Sb� ¼ ðfΦSb=ðfΦSbþΦNÞÞ where
ΦSb and ΦN refer to the Sb and N flux, respectively, and f is an
interaction parameter that describes the deviation from ideal
incorporation. The solid lines in Fig. 1 shows calculations using

f¼1 and f¼0.62. Up to the Sb/N flux ratio of 0.2, the incorporation
is well-behaved with an interaction parameter slightly below 1.
However, it appears that the Sb composition dramatically levels off
at about 18% at this growth temperature. In contrast, we had
earlier been able to grow across the composition spectrum at 80 1C
[5]. It is unclear if the Sb composition is limited by the increased
substrate temperature, or if it is because of the difference in
absolute fluxes, etc, used in the two different MBE systems.

In a second series of growths, we fixed the Sb flux at
2.24�1017 at/(m2 s), the Ga at 2.36�1018 at/(m2 s) and the N at
2�1018 at/(m2 s), and we varied the substrate temperature between
325 1C and 550 1C. The Sb incorporation decreases linearly with
substrate temperature, as shown in Fig. 2 and in qualitative agree-
ment with N-rich growth in the first MBE system [8].

Despite differences between samples grown in the two MBE
systems, the behavior of the bandgap with Sb composition follow
closely and agree with the trend predicted by the BAC model. All of
the samples shown in Fig. 3 were grown at 325 1C, and are
polycrystalline with Sb compositions ranging from 0% to 16%.
The samples from Fig. 2 with the lowest composition are not
included in Fig. 3 due to the difficulty of determining a bandgap
from transmission measurements since the density of states of the
Sb-derived valence band is quite small in the very dilute regime.

4. Conclusion

We have grown N-rich GaN1�xSbx highly mismatched alloys
with various Sb fluxes and substrate temperatures. Samples grown
in two chambers with different N sources and various substrate

Fig. 1. (a) The Sb mole fraction (x) in GaN1�xSbx as a function of Sb/N flux with the inset expanded in (b). The symbol f refers to the interaction parameter between N and Sb.

Fig. 2. The Sb mole fraction as a function of substrate temperature for N and Ga
rich samples grown in chamber 1 (subject of prior studies) and N rich samples
grown in chamber 2 (this publication).
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temperatures, III/V ratios, absolute fluxes, and growth rates have
different morphologies, but all follow the predictions of the band
anticrossing model. Although the growth parameter space is
enormous, the sole factor for obtaining specific bandgaps is
dictated by the Sb composition. The control of many other
materials properties required for device applications need to be
studied and optimized separately.
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a b s t r a c t

The quaternary compound semiconductor (InGaO3(ZnO)m); m¼1,2,3…)(IGZO) thin films were fabricated
by plasma-assisted molecular beam epitaxy. First, the IGZO thin films were grown under the variation of
gallium cell temperature to evaluate the fundamental properties of IGZO. A phase transformation
between crystalline and amorphous is observed when the gallium content ratio is higher than 28 at%. It
revealed redundancy in the metal, which would self-assist the channel or defect state to destroy the
crystal structure. The highest mobility of 74.3 cm2/V s was obtained at 28 at% of gallium. By tuning the
element content of quaternary compounds, the ternary plots distribution of IGZO thin films exhibits an
amorphous structure in most regions. Therefore, the stoichiometric condition of IGZO, which is 1:1:1:4,
is demonstrated at the amorphous structure. Additionally, it transitions to crystalline structure after a
1100 1C annealing process.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

There are great advantages of oxide-based semiconductors such as
wide bandgaps, and exceptional optical and electrical properties. ZnO
has a direct bandgap of 3.37 eV and has a significant advantage over
GaN, such as the higher exciton binding energy of 60 meV. It also is a
good transparent oxide semiconductors (TOSs) material because of its
high transmission above 90%. These features provide attractive poten-
tial to develop optoelectronic devices, for example, light emitted diode
(LED), organic light emitted diode (OLED), and thin film transistor
(TFT). The easy method of fabricating quaternary oxide semiconductor
which is based on (RMO3(ZnO)m, m¼ integer) was developed on
Reactive Solid-Phase Epitaxy (R-PSE) [1–5]. IGZO was also prepared
by pulsed laser deposition (PLD) [6,7]. IGZO thin films had already
been investigated for TFT devices and applications widely [8–13].
There were significant contributions on amorphous IGZO (a-IGZO) TFT
in recent years and single-crystalline IGZO (sc-IGZO) thin films were
applied to CAAC-IGZO (C-Axis Aligned Crystal IGZO) [14–17]. There are
conspicuous advantages in a-IGZO TFT, e.g., the mobility is 20–30
times higher than amorphous silicon-based and cut-off voltage is 100
times higher than low-temperature poly silicon. For a-IGZO, the
mechanism of electrical transition is not very clear. Takeda et al. found
the mobility increased when they raised the free carrier concentration
in the material [18]. They inferred the mechanism of electrical

transition between a-IGZO and sc-IGZO is similar because of identical
electron effect mass [19]. This conception is contrary to the relation-
ship between carrier concentration and mobility in semiconductor
devices and physics technology. In general, they display an inverse
proportion because high carrier concentrations mean high impurities
interfere with transmission in thin films. Sc-IGZO was first fabricated
in 2004 [20] on Yttria-stabilized zirconia (YSZ) substrate. The relation-
ship between room-temperature Hall mobility and carrier concentra-
tion for a-IGZO films and sc-IGZO is reported to be 10 cm2/V s at
carrier concentrations greater than 1018/cm3 [21]. According this
theory, a-IGZO TFT was studied and developed extensively, and proved
to be an emerging product in recent years. Therefore, fundamental
properties like structure phase change, transparency, and ions com-
position relation of amorphous and crystalline IGZO are not examined
and evaluated in subsequent reports. In this work, we adjust the
contents of ions Ga, Zn, and In by using plasma-assisted molecular
beam epitaxy (PA-MBE) to figure out the related characteristics.

2. Experiments

InGaZnO thin films were grown on sapphire substrate by a
PA-MBE system. Regarding MBE system, the growth chamber is
consistently maintained by a Cryo-pump for an ultra-high vacuum
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situation at less than 1�10�8 Torr without sample growth and at
1�10�5 Torr vacuum for oxide growth process. First, the Ga cell
temperature was varied between 500 and 800 1C and the cell
temperature of In and Zn was fixed to figure out the ions contents
relationship. The oxygen plasma was set up at 350 W (W) and
0.8 standard cubic centimeter per minute (sccm). In order to
fabricate (InGaO3(ZnO)m; m¼1), cell temperatures of In, Ga, and
Zn were adjusted. The detailed growth parameters and the atomic
percentage of each metallic element, which are taken from energy
dispersive spectrometer (EDS), are displayed in Table 1. In order to
guarantee the credibility of EDS results, detailed analysis was
carried out more than three times and area analysis was con-
ducted on the samples. The data were presented as error bar
which was similar to 0.5–1.5%. The optimum condition of
(InGaO3(ZnO)m; m¼1), which denoted as sample-I, was 31, 36,
and 32 at% of In, Ga, and Zn, respectively. Thickness of the sample
was around 250 nm. The annealing temperature is controlled at
1100 1C with 30 min in the furnace. The structural and crystalline
characterizations were performed by x-ray diffraction (XRD)
measurements. The electric properties were determined by four-
point Hall Measurements. Surface morphology and thickness were
identified using scanning electron microscope (SEM).

3. Result and discussion

Contents of IGZO thin films are displayed in Fig. 1 with increasing
TGa from 500 1C to 800 1C, i.e. sample A to E. According to EDS results,
the trend of Ga composition appeared as a smooth linear phenom-
enon with TGa increasing. Additionally, the zinc atomic percentage
decreased with increase in gallium. This caused some influence on
indium and zinc elemental ratio interaction. A theoretical calculation
of OII/OTotal shows that the formation of oxygen vacancies is easier
than the replacement of Zn by Ga and In [22]. By the selection
relation, the relation of the bonding strength of these metals is
Ga4In4Zn. Therefore, we suggested a reasonable explanation that
Ga–O and In–O bonding energies are stronger than Zn–O [23,24].
These EDS results support this suggestion. On the other hand, TIn was
reduced from 650 1C to 500 1C to realize the adjustment of ions ratio.
It is carried out in sample-F to -I, which is shown in Table 1. Atomic
percentage of In was displayed from 41.2% to 10.6% (650–500/1C),
respectively. It proved the supposition just mentioned previously. The
highest Ga content was present at 87.3% when In was at 10.6%. The
EDS results were presented in an error bar, which was smaller than
two percentages. According to experimental data, the difference
between each sample was very huge. In this case, EDS results can
be believed. SEM image of thin-films IGZO surface morphology is
shown in Fig. 2. In the IGZO growth process, Ga3þ and Zn2þ ions
randomly share a site in the oxidation process [19]. It can be clearly
seen that crystal grain has a low Ga content as shown in Fig. 2(a)–(c).
The sample surfaces became flat and the grain distribution was
reduced when TGa was above 700 1C. Excess of Ga would destroy

structure quality to occur defect state and Ga interstitial. The reduc-
tion of grain distribution implied that a phase transition occurred.

Structure performance of IGZO thin films which was determined
by XRD analysis is shown in Fig. 3. There is a phase transition from
crystalline to amorphous with Ga atomic percentage increasing from
6% to 40%, i.e. the TGa from 500 to 750 1C. This was in agreement with
the discussion of SEM. Note that the surface morphology of amor-
phous structure is flat in many ternary or quaternary compound
systems. For example, in InO–ZnO system, a smooth surface (average
roughnesso0.4 nm) is observed at the indium composition range of
55–84 cation %, which is amorphous [25]. Too many Ga ions led IGZO
thin films to depredate. The diffraction peak of IGZO became broad
and wide. Furthermore, the diffraction peak is shifted from 30.71 to
31.11 with increasing gallium content. The reason is that the Ga ion
radius (62 pm) is smaller than Zn (74 pm) and In (80 pm) elements.
Increase in the gallium content would reduce the lattice constant.

The highest mobility 74 cm2/V s was obtained at TGa 700 1C (27.9%)
by Hall measurement, as shown in Fig. 4. In low Ga contents, high
crystal quality, which implies low carrier concentration, results in high
resistance. However, the mobility is around 36.3 cm2/V s. It is compa-
tible with crystalline ZnO. When Ga contents increased, the structure
became worse and amorphous, but mobility reached 74 cm2/V s. The
results do not agree with the rule that mobility depends on the
structure quality in crystalline materials. IGZO quaternary compounds
semiconductors are usually fabricated in amorphous nature for TFT
devices. The reason was because there were great advantages in
mobility of amorphous IGZO thin films. The carrier transmission
mechanism of IGZO is still not clear. The authors expect to reach such
a result by the analysis of different compositions. According to the Hall
measurement results, the authors consider that this should be divided
into two parts: the crystalline region (IZO-based) and amorphous region
(IGZO-based). In the IZO-based region, mobility depends on the
structure quality. When Ga atomic ratio increases, the mechanism
switches to IGZO system. In this case, the carrier transition mechanism
is suggested to be metallic transition channel which is different from
the crystal. IGZO thin films were fabricated byMBE but the composition
ratio between metal elements (In, Ga, Zn) was not achieved in ideal
stable equilibrium concentration. Usually chemical equilibrium concen-
trationwhose content ratio (In:Ga:Zn:O, 1:1:1:4) is considered the most
steady state [19,26,27]. Furthermore, we modulated the growth para-
meters to fabricate InGaO3(ZnO) thin filmwhose content ratio of In, Ga,
Zn, and oxygen is 1:1:1:4, respectively. The modulated parameters are
displayed in Table 1.

Ternary plots distribution of IGZO thin films with different
element content ratio is displayed in Fig. 5. Sample (A–H) expressed

Table 1
The growth parameters and the atomic percentage of IGZO.

Sample TGa/1C Ga at% TIn/1C In at% TZn/1C Zn at%

A 500 6 650 44 325 50
B 600 18 650 66 325 16
C 700 28 650 60 325 12
D 750 40 650 52 325 8
E 800 56 650 41 325 3
F 800 67 600 28 325 5
G 800 80 550 16 325 5
H 800 87 500 11 325 0.2–1.2
I 700 37 600 31 330 32
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Fig. 1. IGZO thin films elemental contents verse gallium cell temperature. The open
square, cycle, and triangle represent gallium, zinc, and indium, respectively.
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a curved line related to Ga contents from 6% to 87%. Samples A, B, and
C presented crystalline properties, the others did not. Such a result
demonstrates the structure variation from IZO-based to complicate
IGZO-based. Triangular distribution usually displayed crystalline
properties at acme, which demonstrated ZnO, Ga2O3, and In2O3. In
this case this phenomenon has not been observed. It means the
crystalline array of IGZO thin films were difficult to self-generate.
There was elemental influence of In and Zn interaction due to the

results. By tuning the metal flux, Sample-I whose contents ratio was
very closely related to 1:1:1:4 was obtained and the structure was
found to be amorphous. The XRD patterns of as-grown and annealed
sample-I are displayed in Fig. 6(a) and (b), respectively. Before the
annealing process, the weak IGZO XRD pattern implies the structure
tends to amorphous. After 1100 1C annealing for 30 min, the crystal
IGZO's preferred orientation appeared. High temperature provided
the migration kinetic energy to result in the IGZO self-assisted crystal
structure during the heating process.

4. Conclusion

InGaZnO thin films were demonstrated by PA-MBE. With Ga
flux increasing, crystal growth along with defect worsened the

1 μm 1 μm 1 μm

1 μm 1 μm

Fig. 2. Top-view SEM image with different Ga fluxes: (a) TGa: 500 1C (b) TGa: 600 1C (c) TGa: 700 1C (d) TGa: 750 1C (e) TGa: 800 1C.

Fig. 3. X-ray diffraction pattern of samples A to E, whose TGa¼500, 600, 700, 750,
and 800 1C, respectively.
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structure quality. EDX results show that the bonding strength of
Ga–O is stronger than In–O and Zn–O. Amorphous structure
dominates when the content of gallium and indium reach several

atomic percentages. The highest mobility of 74 cm2/V s was also
obtained. The content ratio of In:Ga:Zn:O related to 1:1:1:4 was
obtained. Crystalline InGaO3(ZnO) quaternary compounds were
successfully demonstrated by annealing process at 1100 1C.
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a b s t r a c t

The integration of III–V compound semiconductors with Si can combine the cost advantage and maturity
of Si technology with the superior performance of III–V materials. We have achieved the heteroepitaxial
growth of III–V compound semiconductors on a crystalline SrTiO3 buffer layer grown on Si(0 0 1)
substrates. A two-step growth process utilizing a high temperature nucleation layer of GaAs, followed by
a low-temperature GaAs layer at a higher growth rate was employed to achieve highly crystalline thick
GaAs layers on the SrTiO3/Si substrates with low surface roughness as seen by AFM. The effect of the
GaAs nucleation layer on different surface terminations for the SrTiO3 layer was studied for both on axis
and miscut wafers, which led to the conclusion that the Sr terminated surface on miscut substrates
provides the best GaAs films. Using GaAs/STO/Si as virtual substrates, we have optimized the growth of
high quality GaSb using the interfacial misfit (IMF) dislocation array technique. This work can lead to the
possibility of realizing infrared detectors and next-generation high mobility III–V CMOS within the
existing Si substrate infrastructure.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The cost effectiveness of silicon combined with the extremely
mature processing technology have made silicon one of the most
important materials of the 21st century. Even with its cadre of
undeniable advantages, the silicon technology still suffers from
low optical efficiency and has degraded electrical properties in
scaled CMOS devices [1]. On the other hand, III–V semiconductors
are ideal candidates for optoelectronic and photonic applications
and because of their high carrier mobilities, they are being
considered for the channel material in future Si based MOSFETs
[2]. However, such implementation would require the monolithic
integration of various III–V materials on silicon with low enough
defects to fabricate surface channel MOS devices. The integration
of III–V compound semiconductors with Si can also combine the
cost advantage and maturity of the Si technology with the superior
performance of III–V materials resulting in highly integrated
semiconductor circuits.

The heterointegration of III–V on Si presents several challenges
including the growth of polar on non-polar substrate, high-lattice

mismatch and large differences in the coefficients of thermal
expansion leading to the formation of anti-phase domain bound-
aries, dislocations and surface defects [3]. Various schemes have
been used to reduce the density of threading dislocations which
include low temperature buffers, superlattice buffers [4] and
thermal cycling [5]. Another integration scheme that has been
used for GaAs on Si included a crystalline oxide buffer layer, viz.
SrTiO3 that was grown epitaxially on Si [6]. The SrTiO3 lattice
(aSTO¼3.905 Å) undergoes a 451 rotation to accommodate the high
lattice mismatch with the underlying Si(0 0 1) (aSi¼5.431 Å)
leading to a strain of 1.7%. The GaAs lattice (aGaAs¼5.653 Å) grown
is now strained 2.3% with respect to the 451 rotated SrTiO3 lattice,
thereby enabling the reduction from the original 4% strain for the
GaAs/Si system [7]. A two-step growth process utilizing a high
temperature nucleation layer of GaAs, followed by a low-tem-
perature GaAs layer at a higher growth rate was employed for this
work. The surface termination conditions of the SrTiO3 crystalline
buffer layer have a strong effect on both the crystalline and surface
quality of the final GaAs epitaxial growth. Prior work by Largeau et al.
has shown the growth of GaAs islands on TiO2 terminated SrTiO3

films with the coexistence of wurtzite and cubic phases [8]. This
study will investigate the effect of the SrTiO3 surface terminations
on the subsequent GaAs surface and epilayer quality. GaSb is ano
ther important III–V material with applications in thermo-photo-
voltaics [9], infrared detectors [10], and low-power high-frequency
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electronics [11]. The growth of GaSb directly on Si is usually
accomplished using an AlSb buffer layer [12]. For this work, the
GaAs/STO/Si platform will be used as a virtual substrate for investi-
gating the growth of GaSb layers on Si using the IMF-based growth
on GaAs. The IMF array technique relieves the excess strain from the
8% lattice mismatch at the heterointerface, leading to the formation
of highly crystalline GaSb under the optimized MBE growth condi-
tions. The monolithic integration of GaSb on these Si-based virtual
substrates will open up doors for high frequency, low-power tunnel-
FETs and Esaki diodes [13]. In this paper we report on the effects of
the oxide surface termination on the nucleation and subsequent
growth of III–V semiconductors and the use of GaAs/STO/Si as virtual
substrates for the growth of GaSb heterostructures.

2. Experimental procedure

The heterointegration approach was developed by growing GaAs
films on Si wafers using a crystalline SrTiO3 buffer layer resulting in
templates of GaAs virtual substrates with a potential to grow
complex III–V structures on a Si wafer. The concept of this integra-
tion was extended by growing GaSb epilayers onto these GaAs
templates. Initially, 3” p-Si(0 0 1) wafers (on-axis and 41 miscut
towards 〈1 1 0〉) were treated in a UV-ozone system to aid in the
complete removal of carbon contaminants and then loaded into a
load-lock section for an initial baking at 150 1C for 30 min. Then, the
wafers were introduced into an oxide MBE chamber equipped with
Sr and Ti effusion cells and a molecular oxygen source where 10 nm
of SrTiO3 (STO) with different surface terminations was grown on Si.
Prior to the STO buffer layer growth, the Si wafers were cleaned
using the de-oxidation procedure as developed by Wei et al. [14].
The entire growth process was monitored using in-situ reflection
high electron energy diffraction (RHEED) to determine the growth
mode and surface stoichiometry. STO growth was performed in two
steps: first a nucleation layer of 2 unit cells was grown on the Si
wafer at low temperature (300 1C) by co-depositing Sr and Ti under
molecular O2 environment at a partial pressure of 6�10�8 Torr
followed by a high temperature (550 1C) anneal and subsequent
growth of STO using an O2 partial pressure of 10�7–10�6 Torr.
Typical growth rate used for the oxide film was 1 unit cell/min as
determined by RHEED oscillations. Three different surface condi-
tions of the STO film were chosen for this study: stoichiometric, Ti-
terminated, and Sr-terminated. By default, the STO growth was
performed under a stoichiometric regime (as evidence by a RHEED
(1�1) reconstruction) that can be switched to either a Ti-rich or Sr-
rich surface by closing the shutter for the respective metal cell and
keeping the other one open until specific termination is achieved.
The surface termination was monitored by RHEED as detailed in Ref.
[6]. Following the growth of crystalline STO on Si, all the wafers were
unloaded from the MBE cluster tool and stored under ambient
conditions. Quarters of STO/Si wafers were then cut and loaded into
a III–V MBE chamber for As-based semiconductor growths. Two sets
of samples consisting of 0.5 μm and 1.5 μm GaAs were grown on the
different STO/Si terminations to show the effect of the STO surface
conditions on GaAs epilayer growth. The STO/Si samples were
degassed at 580 1C for 15 min; then, a GaAs nucleation layer of
25 nm was grown at a temperature of 450 1C using an As2/Ga ratio
of 8 and a growth rate of 0.15 ML/s. Following this, the growth
temperature was decreased to 380 1C and 475 nm or 1475 nm of
GaAs layer was deposited at an As2/Ga ratio of 15 and growth rate
of 0.5 ML/s. Finally, a post-growth anneal was carried out at 580 1C
for 15 min with the entire growth process being monitored using
in-situ RHEED.

The GaAs/SrTiO3/Si virtual substrates with the best crystalline
quality and surface morphologies were then introduced in a diff-
erent III–V MBE chamber with As and Sb valved crackers present.

Here an additional buffer layer of 0.5 μm GaAs was grown at
580 1C with a growth rate of 0.5 ML/s. Growth rate calibrations
were performed previously on a GaAs substrate using RHEED
intensity oscillations. Following this, a 0.5 μm layer of GaSb was
grown on GaAs at 510 1C using the interfacial misfit (IMF) disloca-
tion array technique as described by Huang et al. [15]. This
technique involves the formation of 901 edge dislocations at the
GaAs/GaSb interface, thereby relieving the inbuilt strain mostly at
the interface in the form of a 2-D periodic array of misfit
dislocations in the [1 1 0] and ½1 1 0� direction. Heteroepitaxial
GaSb films of extremely low dislocation density can be achieved
using this technique. In this work, The GaSb surface quality was
monitored as a function of the V-to-III flux ratios using the IMF
array technique. The surface morphology of the grown samples
was mapped using atomic force microscopy (AFM) in tapping
mode with a Si probe tip and the structural properties of the films
were analyzed ex-situ using a double crystal X-ray diffractometer.

3. Results and discussion

Although there is a large mismatch between the STO layer and
the Si substrate (�28%), a 451 rotation of the STO lattice w.r.t. the
Si lattice minimizes the mismatch (�1.7%) allowing for a high
quality film with lower number of defect densities. Fig. 1 displays a
typical 10 μm�10 μm AFM image of a 10 nm STO layer grown on
both nominal and vicinal 41 miscut Si(0 0 1) wafers. The surface
morphology exhibits a very flat surface with a root mean square
(RMS) roughness of around 1/2 aSTO for both the wafers. The
surface quality is also corroborated in-situ by the streaky and sharp
RHEED patterns displayed in the inset of Fig. 1(a) and (b). The
different surface terminations of STO exhibit similar features in
AFM micrographs and RHEED patterns. These results guarantee
that the epitaxy of III–V films on STO/Si template is performed on
extremely smooth surfaces.

III–V growth was started with a 25 nm of GaAs nucleation layer.
Diffraction patterns at the end of the nucleation layer along
½1 1 0� azimuth are shown for the Ti- and Sr-terminated STO
films in Fig. 2. Both RHEED patterns are spotty indicating 3 dimen-
sional growth of the nucleation layer with the formation of islands.
The RHEED pattern of the GaAs nucleation layer grown on the Ti-
terminated STO surface is spotty with ring-like features suggesting
a polycrystalline nature of this layer, i.e. crystal grains with several
orientations where, possibly, cubic and hexagonal phases could
coexist (Fig. 2(a)). On the other hand, the nucleation on the Sr-
terminated surface shows a well-ordered spotty RHEED pattern
where the diffraction spots arrangement and interconnection is
indicative of cubic monocrystalline faceted islands (Fig. 2(b)).
Similar to this, the nucleation on stoichiometric STO exhibits the
same behavior. From RHEED patterns, it is evident that the
crystallographic relationship [1 1 0] GaAs||[1 0 0] STO||[1 1 0] Si
exists confirming the 451 rotation of STO w.r.t to both the under-
lying Si and overlying GaAs epilayer.

GaAs films grown on STO show a strong dependency on the
miscut of the Si substrate (on axis and offcut), the thickness of
GaAs and the underlying termination of the STO as can be
observed in AFM images of Fig. 3. In this figure, the topography
of 1.5 μm thick GaAs film in a 10 μm x 10 μm AFM scan is shown as
a function of these parameters. GaAs grown on on-axis STO/Si
(0 0 1) presents a surface morphology consisting of clear antiphase
domains that are isolated by well-defined boundaries (Fig. 3(a))
resulting, in general, from the heteroepitaxy of polar semiconduc-
tors grown on a nonpolar surfaces as in this case where the GaAs is
grown on STO(0 0 1)/Si surface with no miscut on the starting Si
substrate. Although the RMS roughness is high in this sample
(�3.1 nm), the individual domains exhibit very flat surfaces as is
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corroborated by the 4� streaky and slightly spotty RHEED patt-
ern (inset of Fig. 3(a)). RHEED also confirms, in this sample, the
2-domain nature as seen in the AFM micrograph in which the
4-fold reconstruction from the (2�4) surface is present in the
orthogonal [1 1 0] azimuths. The growth on miscut STO/Si tem-
plates promotes the growth of single domain GaAs as evidenced in
AFM images (Fig. 3(c) and (d)), however, the growth is strongly
dependent on the STO surface termination. GaAs grown on
Ti-terminated STO surface depicts a grainy topography with a
high RMS roughness of �10 nm (Fig. 3(b)), this texture is in
agreement with the spotty RHEED obtained at the end of the
growth in inset of Fig. 3(b). On the other hand, GaAs layer grown
on stoichiometric and Sr-terminated display flatter surfaces where
antiphase domains are absent (Fig. 3(c) and (d)). Also, the RMS
roughness has improved from 10 nm to as low as 2.7 nm and
0.8 nm for stoichiometric and Sr-rich surfaces, respectively. The
stoichiometric termination shows a GaAs film mainly being flat
but with small mound grains and holes that contributes to the
roughness while GaAs on Sr-terminated STO surface is character-
ized by a very flat topography with just a few small holes and the
lowest roughness a necessary requirement for device fabrication.
The streaky RHEED patterns (insets Fig. 3(c) and (d)) are in
correspondence with the observed surface features in both sam-
ples; (2�4) surface reconstruction is clearly seen at the growth
temperature. In particular, the sample with the lowest roughness
displays a RHEED pattern whose diffraction features are along a
semicircle indicative of a very smooth surface. XRD analysis was

performed for the sample with the optimum surface quality acc-
ording to AFM. Diffraction peaks are clearly observed from relaxed
(2 0 0) STO planes and relaxed (2 0 0) and (4 0 0) GaAs lattice pla-
nes (Fig. 4). The wafer miscut inhibits the detection of the Si(4 0 0)
planes since the Bragg condition is no longer satisfied in this ori-
entation of the substrate.

We observe, that the best results for surface roughness
(0.8 nm) are obtained for GaAs films grown on a Sr-terminated
STO buffer layer for a 1.5 μm thick layer on Si(0 0 1) with a 41
miscut in the 〈1 1 0〉 direction (Fig. 5). As mentioned before, the
crystalline quality and surface morphology of the GaAs epilayer
depends strongly on the surface energy of the STO film which is
governed by the surface termination. In order for GaAs to wet the
STO surface properly leading eventually to a 2D growth mode, the
surface energy of the STO surface should be greater than the sum
of the GaAs surface energy and the interface energy [16]. The Sr-
terminated STO provides enough energy to the surface to exceed
this sum, leading to wetting of the GaAs layer and subsequent
layer-by-layer growth responsible for high crystalline quality and
optimum surface quality. As compared to the Ti-terminated STO,
the surface energy is not enough to overcome this sum and leads
to the formation of polycrystalline films which do not exhibit
the 2D growth mode and are much rougher than the Sr-term-
inated case.

For the integration of GaSb onto silicon needed for the devel-
opment of high mobility transistors in the next generation CMOS
applications, the GaAs/STO/Si virtual substrate platform was used.

Fig. 2. RHEED patterns observed along the ½1 1 0� direction during the GaAs nucleation layer growth on (a) Ti-terminated STO and (b) Sr-terminated STO.

Fig. 1. AFM micrographs of 10 nm STO films grown on (a) nominal Si(0 0 1) substrate and (b) vicinal 41 miscut Si(0 0 1) towards 〈1 1 0〉 showing extremely low values of RMS
roughness. Inset: RHEED patterns along the [1 1 0] direction for each case.
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Here a buffer layer of GaAs was first grown onto the GaAs/SrTiO3/
Si(0 0 1) virtual substrate with a 41 miscut in the 〈1 1 0〉 direction
leading to a clear (2�4) reconstruction at a substrate temperature
of 580 1C. The surface was then Ga-stabilized leading to a (4�2)

reconstruction by closing the As shutter. At this point, the
introduction of Sb flux leads to a (2�8) reconstruction indicating
atomic packing instead of tetragonal distortion, resulting in 901
pure edge dislocations for the formation of the IMF dislocation
array. The substrate was then cooled down to 510 1C while

Fig. 3. AFM scans of 10 μm�10 μm areas of the GaAs film surface on (a) nominal STO/Si(0 0 1) (b) Ti-terminated STO/miscut Si(0 0 1) (c) stoichiometric STO/miscut Si(0 0 1)
(d) Sr-terminated STO/miscut Si(0 0 1). Inset: RHEED patterns along the ½1 1 0� direction for each case.

Fig. 4. Coupled 2Theta-omega XRD scan for GaAs grown on Sr-terminated STO/
miscut Si(0 0 1) substrate. The symbol “*” represents the peaks arising from the
Cu-kβ X-ray emission. The extra sharp peaks are related to instrument noise.

Fig. 5. The effect of STO surface termination and the thickness of the GaAs epilayer
on the final surface quality of the GaAs in terms of RMS roughness using AFM.
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maintaining the (2�8), and the GaSb deposition was then
resumed with the growth showing Stranski–Krastanov (SK) mode
as observed in the RHEED patterns for Fig. 6. Fig. 6(a) shows island
growth after an initial thin layer of GaSb and as growth com-
mences, the islands coalesce and the RHEED transforms into a

clear (1�3) surface reconstruction depicting layer by layer growth
as in Fig. 6(b).

Fig. 7 shows the triple-axis omega-2theta scan for the GaAs
(4 0 0) and GaSb(4 0 0) peaks which reveals a completely relaxed
GaSb layer with respect to the underlying GaAs. The inset for this
figure shows the respective omega rocking curves for GaSb and
GaAs with FWHM values of 883 arcsecs and 664 arcsecs respec-
tively indicating high crystalline quality with low density of
dislocations in these films. To optimize the parameters for high
quality growth of GaSb on the silicon-based virtual substrates,
different V–III flux ratios were used; this was determined by
measuring the beam equivalent pressures (BEP) using an ion
gauge. Fig. 8 summarizes the rocking curve FWHM of the GaSb
(4 0 0) peaks as a function of Sb/Ga flux ratio. AFM scans were also
performed for all the samples to determine the growth parameters
needed to produce the lowest RMS roughness, also shown in Fig. 8.
The data shows that the minimum surface roughness was
obtained for a V–III flux ratio of 5 and the optimum FWHM was
obtained for a flux ratio 8 suggesting that a flux ratio window is
available growth window exists for high surface and epilayer
quality.

4. Conclusion

We have successfully demonstrated high quality growth of
GaAs on SrTiO3/Si substrates using solid-source MBE. The crystal-
line and surface quality of the GaAs films were monitored as a
function of the surface termination of the STO layer. The Sr-
terminated STO surface has sufficient surface energy to allow for
wetting and 2D growth of the GaAs film and produces the best
surface morphologies. Using the GaAs/STO/Si wafers as virtual
substrates, GaSb films were grown on the Ga-rich GaAs surface via
the IMF array technique. The growth of GaSb was optimized to
achieve films with high crystalline quality and extremely low RMS
surface roughness values using AFM. Successful monolithic inte-
gration of GaAs and GaSb on Si can lead to future III-V low cost
CMOS devices as well as multifunctional devices on a single
Si chip.
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a b s t r a c t

A novel heteroepitaxial growth technique, quasi-van der Waals epitaxy, promises the ability to deposit
three-dimensional GaAs materials on silicon using two-dimensional graphene as a buffer layer by
overcoming the lattice and thermal expansion mismatch. In this study, density functional theory (DFT)
simulations were performed to understand the interactions at the GaAs/graphene hetero-interface as
well as the growth orientations of GaAs on graphene. To develop a better understanding of the molecular
beam epitaxy-grown GaAs films on graphene, samples were characterized by x-ray diffraction (θ–2θ
scan, ω-scan, grazing incidence XRD and pole figure measurement) and transmission electron
microscopy. The realizations of smooth GaAs films with a strong (111) oriented fiber-texture on
graphene/silicon using this deposition technique are a milestone towards an eventual demonstration
of the epitaxial growth of GaAs on silicon, which is necessary for integrated photonics application.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Since the proposed concept and first experimental realization
[1], van der Waals epitaxy (vdWE) has gained significant momen-
tum within the research community. Recently, vdWE is viewed as
a prospective alternative route of heteroepitaxy by which hetero-
structures even with a lattice mismatch of as high as 40% can be
grown with reasonably good crystal quality [2]. Although the
original concept of vdWE was realized using two-dimensional
(2D) layered semiconductors, such as NbSe2/MoS2; the growth of
three-dimensional (3D) materials on top of a 2D surface is an
extension of this growth idea [3]. This modification of vdWE is
often referred to as quasivan der Waals epitaxy (QvdWE) or 3D–2D
heteroepitaxy [4].

The epitaxial growth of optoelectronic materials, such as GaAs
on silicon substrates, provides a unique opportunity to combine the
advantages of superior optical properties with the capabilities of
matured silicon technologies. Despite extensive efforts over the last
30 years, there has been little success in the growth of high-quality
GaAs on Si. The main obstacles are lattice mismatch, polar-on-non-
polar epitaxy, and thermal expansion mismatch between GaAs and
Si [5,6]. Due to such intrinsic material-related problems, the grown
GaAs thin films on Si are still far below the technologically
acceptable limit, resulting poor performance in the devices made
of such materials. In this regard, QvdWE could be considered as a
method to overcome such problems. This technique employs
layered two-dimensional materials as buffer layers which are self-
passivated and inert, indicating a weak vdW interaction between
the overlying–3D–semiconductor and the 2D-layer.

Among the large family of vdW materials, graphene, a single
layer of sp2-bonded carbon atoms, a thermally-stable material with
high-decomposition temperature, could be an ideal choice as buffer
layer material. Furthermore, due to its excellent optical
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transparency and electrical conductivity, graphene is a promising
substrate for GaAs-based optoelectronic devices [7,8]. Hence, low-
resistive, transparent and flexible ohmic contact could be formed on
those devices.

A few experimental investigations [4,9,10] have already been
reported on the growth of GaAs nanowires on Si using graphene.
However, successful operation of nanowire-based devices is impeded
by several intrinsic challenges which are primarily associated with
the cylindrical geometry of NWs [11]. Thus far, nanowires still have
not turned out to be the proper alternative of thin-film, when optical
and electrical device characteristics are considered.

Using a 2D graphene buffer layer, the epitaxial growth mode of
3D GaAs materials on silicon substrate is shown schematically in
Fig. 1(a) through a covalent bond diagram of the corresponding
materials. GaAs which has a zinc-blende cubic crystal structure
interacts with the underlying graphene layer with a honeycomb
lattice structure via vdW forces. Fig. 1(b) shows an SEM image of
molecular beam epitaxy (MBE) grown smooth GaAs films grown
on gallium-terminated graphitic flakes lying on silicon substrate.
Despite an ultrasmooth morphology of such GaAs films, the low
adsorption and migration energies of gallium and arsenic atoms
on graphene result in cluster-growth mode during crystallization
of GaAs films at an elevated temperature. Details on the growth
process and the associated physics can be found elsewhere [12].

2. Theoretical investigation

Density functional theory (DFT) calculations within the Per-
dew–Burke–Ernzerhof (PBE) type generalized gradient approxi-
mation (GGA) framework as implemented in the Vienna Abinitio
Simulation Package (VASP) [13] were performed. Using a semi-
empirical correction to the Kohn–Sham energies, vdW interactions
were accounted for in all calculations [14]. A Monkhorst–Pack
scheme was adopted to integrate over the Brillouin zone with a k-
mesh 9�9�1. A plane-wave basis kinetic energy cutoff of 400 eV
was used. All structures are optimized until the largest force on
the atoms is less than 0.01 eV/Å.

2.1. VdW hetero-interface study

The interface between zinc-blende (ZB) and wurtzite (WZ)
GaAs on graphene is compared using ab-initio calculations. A
4�4�1 graphene supercell is used with a 5�5�1 GaAs super-
cell. The graphene/GaAs interfaces are Ga terminated. To saturate
the dangling bonds pseudo-hydrogen atoms with fractional charge

of 0.75e were used. The binding energy Ebinding is calculated using
the following expression:

Ebinding ¼ Egraphene=GaAs�Egraphene�EGaAs

where Egraphene/GaAs is the ground state energy of the graphene/
GaAs heterostructure, Egraphene is the ground state energy of the
4�4�1 graphene supercell and EGaAs is the ground state energy
of the GaAs supercell.

To understand the nature of the heterointerface, the binding
energy between graphene and the ZB and WZ GaAs surfaces is
calculated. The binding energy describes the strength of the
interactions at the epitaxial interface. Table 1 summarizes the
binding energies between ZB GaAs (111) surface and WZ GaAs
(0001) surface with graphene. The energies for a pristine interface
and in the presence of a single point defect are compared. A point
defect is introduced with the removal of a single Ga atom at the
Ga-terminated graphene/GaAs interface.

Calculations of the binding energy indicate the ZB GaAs (111)
phase is the preferred orientation on graphene; the ground state
energy for this configuration is 8.1 meV/C-atom lower than the
energy of WZ GaAs phase on graphene. With the presence of a
single point-defect at the interface; the ZB GaAs phase remains the
preferred orientation. Prior studies have demonstrated that the
epitaxial relationship formed by GaAs and graphene can be
affected by but is not limited to the orientation, strain, defect
density at the interface [4]. Further calculations would elucidate
which of these mechanisms governs the preferred GaAs phase
when epitaxially grown atop graphene.

Interfaces dominated by vdW forces are known to lead to
turbostratically misoriented interfaces. Hence, the effect of misor-
ientation between the graphene–GaAs interface on the binding
energy is also investigated. The binding energy is maximum for the
misoriented structure and is minimum for the unrotated graphene/
GaAs structure. The binding energies calculated as a function of
rotation angle in Fig. 2 are the same order of magnitude as the
binding energy of graphene on Cu (111) surfaces [15], where the
interactions at this interface are also dominated by vdW forces. This

Fig. 1. (a) Atomic geometry of GaAs/graphene/Si, where GaAs and graphene are attached to each other by van der Waals interactions. (b) SEM plan-view image of the as-
grown GaAs thin films on graphite flakes exfoliated atop Si (001) substrates, showing a smooth surface morphology.

Table 1
Binding energy values of zinc-blende and wurtzite GaAs surfaces on graphene.

Binding energy/C atom (meV)

Zinc blende GaAs (111) Wurtzite GaAs

Pristine �43.21 �35.11
Ga-vacancy �43.18 �33.98
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would also suggest that the graphene–GaAs interface is also
governed by vdW interactions. The stronger binding energy in the
misoriented structure suggests the strain in this structure is mini-
mized. Furthermore, the higher binding energy would also suggest
that the graphene–GaAs interface is likely to be misaligned when an
epitaxial interface is formed, with an unrotated interface being the
least preferred orientation configuration. The energy barrier to
transition from a rotated interface to an unrotated interface in the
graphene/GaAs structure can be as large as 0.13 J/m2. For the
supercells simulated, the total energy difference between the
unrotated structure and the rotated structures is greater than the
thermal energy kBT at room temperature. This would suggest the
interface between graphene and GaAs may remain misaligned at
300 K and higher growth temperatures as well.

2.2. Alternative QvdWE buffer layer materials

As wafer-scale growth of single monolayers of alternative vdW
materials, such as h-BN and MoS2 [16] approach the same quality
as graphene, we consider the possibility of using these proto-
typical vdW materials as a buffer layer for our quasi-vdW epitaxy
approach. Adsorption energy calculations were used to determine
if monolayer and bilayer MoS2 and h-BN would act as suitable
buffer layers (in addition to graphene) to achieve QvdWE of GaAs.
For calculations of the adsorption energy of Ga, Al, In and As on
hBN and MoS2, a 4�4�1 supercell of monolayer (1L) MoS2 and
monolayer and bilayer (2L) hBN was used. For MoS2, the 4p, 5s, 4d
and 3s, 3p orbitals of Mo and S respectively are treated as valence
in the PBE functional. For h-BN, the 2s, 2p orbitals of B and N are
treated as valence. Calculation details for the adsorption energy
and the Ga, Al, As and In pseudo-potentials used have been
detailed in our previous study of adsorption energy of these
elements on graphene [12]. Our prior studies of Al, Ga, As and In
adsorption on graphene have shown that each element binds with
approximately the same binding energy on to single layer and
bilayer graphene; the favored binding site on the honeycomb
lattice of graphene is unique to each element. Hence, the binding
energy of the defect free GaAs surface is determined by the
orientation of the Ga and As atoms above the honeycomb lattice.
Table 2 summarizes the adsorption energy values for Al, Ga, As and
In on h-BN and MoS2.

The adsorption energy at each binding site for monolayer MoS2
and monolayer and bilayer h-BN is approximately an order of
magnitude lower than the adsorption energies calculated for Ga,
Al, In and As on graphene. The strength of the adsorption energy
can be characterized by the hybridization of the adsorbant elements
on the vdW buffer layer material. Fig. 3 illustrates the projected

density of states of a Ga atom adsorbed on the T-site of a monolayer
MoS2 supercell. The sp2 orbitals of Ga are weakly hybridized with
the 4d and 3p orbitals of Mo and S respectively. This is evidenced by
the weak overlap of the Ga orbitals with the Mo and S orbitals of the
valence band in MoS2. In contrast, strong hybridization between the
sp2 orbitals of Ga with the sp2 orbitals of carbon in graphene results
in larger adsorption energies. The adsorption of Ga, Al, In and As
atoms on 1L and 2L h-BN also results inweak hybridization with the
sp2 orbitals of boron and nitrogen which leads to lower adsorption
energies when compared to graphene. The lower adsorption ener-
gies of Ga, Al, As and In atoms on the MoS2 and h-BN surfaces would
result in these adatoms being poorly anchored during the growth
process, which in turnwould lead to degradation in the morphology
of the GaAs film. These initial calculations suggest that graphene
remains an ideal candidate as a buffer material to enable vdW
epitaxy when compared to h-BN and MoS2.

3. Experimental procedure

X-ray diffraction experiments were performed at room tempera-
ture on a Rigaku SmartLab diffractometer equipped with a high
accuracy/resolution four circle theta–theta goniometer, using a Cu
Kα radiation and scintillation detector. The nearly parallel incident
beam was collimated using a parabolic multilayer mirror. Sample
was mounted horizontally on a motorized high precision Z-stage and
Phi attachment. Full pole figure data was collected using an in-plane
diffraction attachment with the axis β scanned from 01 to 3601 at
501/min speed at each α angle (step size 0.51 ranging from 01 to 901).
The incident slit (IS), length limit silts (H), and receiving slits (RS1/
RS2) were 1 mm, 5 mm, 2 mm and 2 mm, respectively. For grazing

Fig. 2. Binding energy of the graphene/GaAs interface as a function of misorienta-
tion angle. The calculated binding energies are normalized with the planar area of
the supercell used.

Table 2
Adsorption energy of Ga, Al, In and As on monolayer (1L) and bilayer (2L) h-BN and
MoS2. The favored adsorption site for each element and vdW material is listed in
parentheses; for h-BN the favored site is when the adatom is on top of nitrogen
(TN) or on top of the boron–nitrogen bond (B) and for MoS2 the favored site is
when the adatom is on top of the sulfur atom (T).

Adsorption energy

1L h-BN (meV/atom) 2L h-BN (meV/atom) 1L-MoS2 (meV/atom)

Ga 131.6 (TN) 134.3 (TN) 234.6 (T)
Al 135.1 (TN) 101.1 (TN) 237.4 (T)
In 66.9 (B) 85.1 (TN) 573.1 (T)
As 296.9 (B) 341.5 (TN) 527.8 (T)

Fig. 3. Projected density of states for Ga adsorbed on the T-site of the MoS2
supercell, total density of states (blue), Mo states (red), S states (green) and Ga
states (magenta). Inset: Schematic of 4�4�1 MoS2 supercell with Ga adatom over
S atom. (For interpretation of the references to color in this figure legend, the
reader is referred to the web version of this article.)
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incident x-ray diffraction (GIXRD), these slit conditions were used:
IS¼0.2 mm, H¼5.0 mm, RS1¼RS2¼20.0 mm. The incident beam
angle was fixed at 0.31, while the 2θ arm was scanned from 201 to
601 at speed of 0.31/min with its step size of 0.051. As for radial 2θ/ω-
scan, the measurement conditions were IS¼1.0 mm, H¼5 mm,
RS¼20 mm, while scan speed was 0.51/min with a step size¼0.051.
For both GIXRD and 2θ/ω measurement, Soller slits were used to
reduce the axial divergence of the incident and diffraction x-ray
beam to 51, and a 0.51 parallel slit analyzer (PSA) was used to
improve 2θ angular resolution.

The cross-sectional specimen for transmission electron micro-
scopy analysis was prepared by hand polishing using a tripod
technique and final thinning using a Gatan precision ion polishing
system (PIPS) (Gatan Model 691, operated at 4 keV). The structural
characteristics of as-grown GaAs were then investigated using a
Tecnai F20, operated at 200 keV.

4. Experimental results

Fig. 4(a) shows the out-of-plane XRD θ–2θ scan pattern for GaAs
thin films grown on exfoliated graphite flakes over a 2θ range of 20–
701. The as–grown GaAs films exhibit polycrystalline nature, which

is confirmed by (111), (220) and (311) diffraction peaks. Apart from
these three film-generating diffraction peaks, the (002) and (004)
silicon substrate peaks are observed in the scan. The forbidden Si
002 peak at 2θ¼32.91 is attributed to multiple diffractions (Umwe-
ganregung). Graphite (002) and (004) reflections are also found as
labeled by the red-colored text in Fig. 4(a). The crystalline quality of
the thin GaAs film on Ga-terminated graphene was characterized by
XRD rocking-curve scans as shown in Fig. 4(b). The FWHM for the
rocking curve of the GaAs (111) is 242 arcsec (0.0671), indicating
good crystal quality for this orientation (and likely epitaxy). We note
that the rocking curves of other surface-normal planes showed
broad peaks which is reasonable since our vdW regions covered
only a small percentage of an otherwise polycrystalline layer,
yielding a strong background signal from the (majority) untem-
plated regions. The low-temperature grown GaAs on the flakes
exhibits a strong (111) preferred-orientation texture. This is an
essential step towards demonstration of epitaxy. If larger graphite
flakes were used, a clear correlation between the graphene and the
fiber texture could be confirmed by a featureless Φ-scan for an
asymmetric peak, such as (115). As shown in the inset of Fig. 4(b),
the GIXRD 2θ scan exhibits peaks at the expected locations for GaAs
films, corresponding to the GaAs (111), (220), and (311), which
indicates that the as-grown material is randomly oriented

Fig. 4. XRD analyses of as-grown GaAs on exfoliated graphite flakes, (a) HRXRD θ–2θ scan, where multiple peaks correspond to zinc–blende (111), (220) and (311) GaAs,
confirming polycrystallinity of the grown films. The (002) and (004) graphite peaks marked with doubledaggers (‡) indicate the multidomain graphite layers. The (002) and
(004) peaks from Si (001) substrate are marked with asterisks (*). (b) The rocking curve of (111) GaAs peak, GIXRD 2θ scan profiles are shown in the inset. (For interpretation
of the references to color in this figure, the reader is referred to the web version of this article.)

Fig. 5. XRD analysis and pole figure of as-grown GaAs on CVD graphene, (a) HRXRD θ–2θ scan, where multiple peaks correspond to zinc–blende (111), (200), (220) and (311)
GaAs. (b) The 3D pole figure of (111) GaAs, showing a preferred orientation of the grown films. The stereographic projection of the (111) pole figure is shown as inset. (For
interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)
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polycrystalline. Note that there are two strong unlabeled peaks at
2θ¼531 and 56.31 for these samples which could be due to graphitic
regions.

To assess the quality of as-grown film and to benchmark our
results, the full width at half-maximum (FWHM) of the XRD
rocking curve could be compared with the prior reports of FWHM
values obtained from GaAs on Si using conventional direct
heteroepitaxy. By employing several direct growth approaches
[17–20], micron thick buffer layer was deposited on silicon in
order to obtain a FWHM value as low as 242 arcsec. However, the
as-grown GaAs film via vdWE achieves the same FWHM with film
thicknesses on the order of 25 nm. The two orders of magnitude
improvement in the quality of our GaAs films can be attributed to
the graphene buffer layer mitigating lattice and thermal mismatch
between GaAs and the underlying substrate.

To verify crystalline quality of the material, the out-of-plane
XRD θ–2θ scan pattern was performed for GaAs films grown on
large-area CVD graphene over a 2θ range of 20–601. As shown in
Fig. 5(a), the θ–2θ scan is composed of ZB (111), (200), (220) and
(311) GaAs peaks with unequal intensities. Therefore, the as-
grown GaAs film on CVD graphene is confirmed to be
polycrystalline.

The pole-figure has been proven to be one of the most powerful
XRD techniques for studying texture in thin films. The strong (111)
peak at the center of the pole figure as shown in 3D representation
of Fig. 5(b) indicates that the as–grown films are preferably (111)-
oriented along the surface normal. Also, the stereographic projection
format of such pole figure is shown as an inset in Fig. 5(b). The
FWHM of the surface normal peak and the degree of the preferred
orientation are calculated to be 1.51 and 2.2%, suggesting strong fiber
texture in the GaAs films. In a previous study, it was reported that
(111) orientation is highly favored by the underlying graphene layer,
exhibiting a triangular lattice symmetry. It should be noted that the
XRD θ–2θ scan and pole figure data reported here were collected
from the sample where the GaAs growth was performed on a
blanket graphene layer sitting on SiO2/(111)-oriented silicon sub-
strates. This clearly suggests that the silicon substrate will have a
negligible influence in defining the orientation of the grown layer.

Selected area electron diffraction (SAED) patterns obtained
from the GaAs layer grown on CVD-graphene/SiO2/Si contain a
series of rings, which indicates the presence of a polycrystalline
material. Using the diffraction pattern of the single crystal Si
substrate as a reference, the lattice plane spacings of the diffrac-
tion pattern and the relative intensity of the diffraction rings
suggest that a majority of GaAs is grown in the cubic ZB phase.
Fig. 6 shows a high-resolution lattice image of an approximately
100 nm thick GaAs layer containing two grains in which a 〈110〉
direction is aligned close to parallel to the electron beam (see
enlarged areas). The lattice fringe patterns observed are consistent

with these grains being ZB in structure which is in good agree-
ment with the theoretical findings. Defects such as microtwins and
stacking faults were observed within some of the grains. The
typical grain size observed in an approximately 100 nm think GaAs
layer was between 20 and 60 nm.

5. Conclusion

In summary, we have reported the detailed theoretical and
experimental characterization of MBE-grown GaAs thin films on
graphene/silicon substrates using quasi-van der Waals epitaxy,
which provides novel insights into the quality of grown material.
From the theoretical study, we conclude that graphene as a buffer
layer is more suitable than h-BN and MoS2 in the case of the
growth of 3D materials on 2D layered surfaces. By XRD measure-
ments, it is verified that our as-grown GaAs films on graphene/
silicon exhibit the polycrystalline nature with a strong [111]-
oriented fiber texture. In the study of the GaAs/graphene hetero-
interface, GaAs ZB crystal structure is experimentally found to be
more stable than WZ GaAs, providing good agreement with the
theoretical predictions. Since the CVDgrown graphene itself is
polycrystalline, the as-grown materials on top of this 2D buffer
layer cannot be single-crystalline. Therefore, future efforts will
mainly focus on using single-domain graphene as a buffer layer,
leading to single-crystalline GaAs which will serve as a potential
and cost-effective route towards heteroepitaxial integration of
GaAs on silicon in the developing field of silicon photonics.
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a b s t r a c t

We examine how substrate selection impacts the resulting film properties in graphene growth by
molecular beam epitaxy (MBE). Graphene growth on metallic as well as dielectric templates was
investigated. We find that MBE offers control over the number of atomic graphene layers regardless of
the substrate used. High structural quality could be achieved for graphene prepared on Ni (111) films
which were epitaxially grown on MgO (111). For growth either on Al2O3 (0001) or on (6√3�6√3)R301-
reconstructed SiC (0001) surfaces, graphene with a higher density of defects is obtained. Interestingly,
despite their defective nature, the layers possess a well defined epitaxial relation to the underlying
substrate. These results demonstrate the feasibility of MBE as a technique for realizing the scalable
synthesis of this two-dimensional crystal on a variety of substrates.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Graphene, a single layer of carbon atoms arranged in a two-
dimensional hexagonal lattice, is widely regarded as a revolution-
ary material, due primarily to its electronic properties [1–3]. The
high charge carrier mobility and the ambipolar field effect mea-
sured in graphene are particularly appealing for electronic device
applications [4]. Furthermore, it is known that ordered stacks of
multiple graphene layers (e.g. bi- or trilayer graphene) also
possess intriguing features, such as an electric field and stacking-
order-dependent band structure [5–7]. These phenomena are not
observed in monolayer graphene and open yet more exciting pos-
sibilities, such as the realization of devices with a gate-tunable
band gap [7,8].

Hence, in terms of synthesis, a consensus has formed that the
growth of high-quality, large-scale graphene films with precise
control over the number of atomic layers is critical since it will
enable applications where not only mono-, but also few-layer
thick films will be required [9]. Although techniques such as SiC
surface graphitization [10–12] and chemical vapor deposition
(CVD) on Cu [13,14] have proved to be suitable for large-area
synthesis, both have inherent drawbacks. The former method is
restricted to a single substrate material (which happens currently
to be costly). In addition, the controlled growth of a specific

number of graphene layers on SiC with complete thickness homo-
geneity remains challenging. CVD on Cu produces continuous
graphene films which are exclusively one monolayer thick, since
the precursor molecules are efficiently cracked only at the original,
exposed metal surface. Similar to graphene growth on SiC, despite
intensive ongoing research, the controlled formation of uniform few-
layer graphene on Cu remains to be demonstrated. In this context,
molecular beam epitaxy (MBE) appears to be a promising alternative.
MBE is one of the most prominent techniques for the production of
high-quality, single-crystal semiconductor films and multilayer het-
erostructures [15]. MBE typically does not involve catalytic surface
processes, and thus holds promise for the growth of one to � few
graphene layers on a wider variety of substrates, including insulators
and semiconductors. Exact deposition rates and sub-monolayer
thickness control are additional significant advantages offered by
MBE which will be required to achieve well-controlled, layer-by-layer
graphene growth.

Although it is a relatively new topic of study within the MBE
community, there have been several attempts to prepare graphene
by employing this method. Previously examined templates include
Si [16,17], SiO2 [18], SiC [19], Al2O3 [17,20–22], Ni [23,24], and mica
[18,25]. The various substrates and growth conditions used during
synthesis resulted in carbon materials with different structural
quality and morphology, ranging from highly disordered sp2-
bonded carbon [16–18] or nanocrystalline (defective) graphene
layers [17,20–22], to state-of-the-art quality graphene (either
continuous layers [24] or isolated islands [25]). In spite of the
apparent discrepancy between results, the collection of existing
studies nevertheless already point to the fact that MBE is indeed a
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promising technique for achieving the controlled growth of
graphene over large areas. In addition, from a fundamental point
of view, MBE is an ideal tool for generating a detailed under-
standing of nucleation and growth mechanisms due to its compat-
ibility with in situ characterization. This is especially important as
graphene growth has developed into a rich research field in its
own right. It has already been shown to differ from conventional
thin-film epitaxy in significant ways, following mechanisms such
as van der Waals epitaxy and growth from below [18,21,24,25]. In
this context, it is important to mention other studies regarding
graphene growth in UHV (by both physical vapor deposition [PVD]
and CVD) which have closely replicated MBE growth conditions. In
particular, surface scientists have carefully examined graphene
formation on metals such as Ru, Ir, Cu and Au, often using
powerful in situ characterization techniques such as low-energy
electron microscopy (LEEM). These studies have revealed a rich,
complex array of growth phenomena [26–31]. This body of
literature – of which the cited references are only a few examples
– may not be MBE growth in the strictest terms, but does serve to
illustrate the utility of a well-controlled, the UHV growth method
in the study of graphene synthesis.

In this contribution we report research aimed at the controlled
preparation of graphene layers by MBE. We focus specifically on
how the choice of substrate impacts the properties of the resulting
graphene film by comparing and contrasting results obtained for
growth on three very different surfaces as illustrative examples:
Ni (111) films which were epitaxially grown on MgO (111), Al2O3

(0001), and SiC (0001) (offering a (6√3�6√3)R301 C-rich surface
reconstruction). These results demonstrate the potential of MBE
for the realization of the controlled epitaxial growth of graphene
films (mono- to few-layer thick) with substrate flexibility.

2. Experimental

Graphene growth was performed in a dedicated MBE system
with a base pressure of 1�10�10 mbar. The system is equipped
with a solid carbon source composed of a resistively heated highly
oriented pyrolytic graphite (HOPG) filament that operates nominally

between 2200 and 2400 1C. In this temperature range the carbon
flux is �6�1012 atoms/cm2 s. All substrates [the Ni/MgO (111) and
SiC (0001) were sized 1 cm2, and Al2O3 (0001) were full two-inch
wafers] were degassed in a preparation chamber at 350 1C for 30 min
before transfer to the growth chamber. Note that all substrates
employed a 1 mm thick Ti film (deposited ex situ by RF-sputtering)
on the backside to allow non-contact radiative heating. In the case of
Ni/MgO (111), 150 nm thick epitaxial Ni (111) films were grown on
MgO (111) in the same MBE cluster prior to carbon deposition. The
2.490 Å in-plane lattice parameter of the (111) Ni surface closely
matches that of graphene. More details about the synthesis of the Ni
(111) films can be found elsewhere [24]. For the SiC (0001) subs-
trates, the surface preparation which allows for the creation of a
(6√3�6√3)R301 reconstruction (referred to as 6√3, for simplicity)
is performed ex situ at high temperatures (�1450 1C) in a RF-furnace
prior to introducing the sample to the MBE cluster. The thermal
annealing procedures utilized for this can be found in Ref. [32]. The
MBE growth of graphene was performed using different growth
temperatures and times. The temperature chosen for graphene
growth on Ni/MgO (111) was 765 1C, with deposition time ranging
from 40 to 200 min. For Al2O3 (0001) and 6√3-SiC (0001) growth
temperatures ranging from 900 to 1000 1C were employed, with a
growth time of 240 min. The structural properties of the grown films
were investigated by Raman spectroscopy. The spectra shown in the
next section, which were acquired with a spatial resolution of 1 μm
and excitation wavelength of 482 nm, are representative of large-
area growth by MBE. Analyses of different surface regions yielded
similar results. In addition, scanning electron microscopy (SEM) and
grazing-incidence X-ray diffraction (GID) were used to investigate the
surface morphology and structure of the samples, respectively.

3. Results and discussions

Raman spectroscopy, which is a commonly accepted proxy for
the crystalline quality of graphene [33,34], was used to examine
the resulting films. Representative spectra are shown in Fig. 1 for
graphene grown on each substrate examined here, with each
displaying the characteristic peaks of sp2-bonded carbon. The
appearance of well-defined and intense G and 2D peaks is clear
evidence for the formation of graphene. In the case of graphene
grown on Ni/MgO (111) (gray spectrum), the negligible intensity of
the D peak indicates that extremely few structural defects, such as
point vacancies or rotational grain boundaries, are present in the
film. This is corroborated by the narrow widths (full widths at half
maxima–FWHM) of the G and 2D peaks, wG¼17 cm�1 and
w2D¼32 cm�1, which show the presence of a well-ordered crystal
structure with a degree of perfection similar to that observed in
exfoliated graphene flakes [33,34] and CVD-prepared layers [14].
The high crystalline quality of the graphene is consistent with its
relatively low nucleation density on Ni/MgO (111) substrates
(Fig. 4a), which is facilitated by significant carbon adatom diffusion
on the metallic surface. This leads to a correspondingly low line-
density of grain boundaries, regardless of the crystallographic
orientation of the individual domains.

Raman spectra from graphene grown on Al2O3 (Fig. 1, red) and
6√3-SiC (black) both reveal similar features. The intense defect-
related D peaks but well-defined and symmetric G and 2D peaks in
spectra from films grown on both dielectric substrates are char-
acteristic of defective graphene [34,35]. The peak intensity ratios
ID/IG are comparable for both samples (1.9 for Al2O3 and 2.1 for
6√3-SiC). However, the FWHM of the peaks are considerably lower
in case for growth on Al2O3 (wD¼34 cm�1, wG¼32 cm�1, and
w2D¼56 cm�1) when compared with graphene synthesized on the
6√3-SiC (wD¼43 cm�1,wG¼42 cm�1, andw2D¼75 cm�1). Empirical

Fig. 1. Raman spectra of MBE grown graphene films on Ni/MgO (111) (gray), Al2O3

(0001) (red), and reconstructed 6√3-SiC (0001) substrates (black). The film grown
on Ni/MgO (111) was deposited at a substrate temperature of 765 1C over 120 min
(average thickness of 2 MLs) while those on Al2O3 and SiC were grown at 900 1C
and deposition times of 240 min (average thickness of 1.5 MLs). The intensity is
normalized with respect to the G peak, the spectra are offset for visibility, and the
substrate related background signal is subtracted from the spectrum recorded on
SiC. (For interpretation of the references to color in this figure legend, the reader is
referred to the web version of this article.)
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estimates yield lateral domain sizes of few tens of nanometer in both
cases [21,32].

This Raman analysis suggests that growth on Al2O3 (0001)
yields graphene with a slightly higher structural quality than 6√3-
SiC (0001). These two substrates were chosen to investigate
graphene growth directly on insulating surfaces because – in
addition to the high growth temperatures their excellent thermal
stability allows – their hexagonal surface symmetry may be
conducive to graphene epitaxy. The 6√3-SiC (0001) surface is a
carbon rich reconstruction of the Si-face of hexagonal SiC. It is
isomorphic to graphene, i.e. it possesses the same honeycomb
carbon lattice structure and a similar lattice parameter as gra-
phene [36,37] (note, however, it has about 30% of its atoms
covalently bound to the SiC substrate [38]). Therefore, due to its
similarities to graphene, such a surface can be employed as a
template to investigate the quasi-homoepitaxial growth of gra-
phene. Al2O3 (0001), on the other hand, has a hexagonal surface
symmetry with a lattice parameter (4.750 Å) approximately twice
that of graphene (2.461 Å) [39], making growth on this substrate
heteroepitaxial. Thus, perhaps paradoxically, heteroepitaxy is
more conducive to the formation of high-quality graphene (fewer
defects/less disorder) in this instance than quasi-homoepitaxial
growth. A possible explanation for the lower quality of graphene
resulting from growth on 6√3-SiC (0001) and Al2O3 (0001) (in
comparison to films obtained on Ni/MgO (111) substrates) is an
absence of epitaxial ordering with respect to the substrate. The
formation of small, defective graphene crystals with random
crystallographic orientations – which is usually not observed for
graphene grown on metals [24,26,31] – would represent a funda-
mental obstacle to the growth of high-quality material on insula-
tors. However, if the graphene nanocrystals are epitaxially aligned
with the substrate they can coalesce into a single domain. Strict
epitaxy may thus be a prerequisite for high-quality growth on
dielectrics.

In order to investigate this aspect of graphene growth on these
substrates we have conducted grazing incidence diffraction (GID)
at beamline ID10 at the European Synchrotron Radiation Facility
(ESRF) in Grenoble using an X-ray energy of 10 keV. This highly
surface sensitive technique provides the possibility of not only
measuring the lattice parameters of two-dimensional films with
extraordinary precision, but also of gaining information about the
in-plane relation of the films and their respective substrates. Fig. 2
presents line-scans over the graphene G (10–10) reflection in the
radial direction (i.e. probing the distance of the lattice planes). For
easier interpretation, the x-axis is scaled to represent the lattice
parameter of graphene. The reflection obtained from graphene on

6√3-SiC (0001) shows a doublet structure with two peaks
centered at 2.450 Å and 2.468 Å. The latter one can be assigned
to the underlying C-rich reconstruction, as confirmed by reference
measurements on a bare substrate. The peak at 2.450 Å therefore
corresponds to the grown graphene, which means that the film
possesses a lattice parameter �0.45% smaller than that of relaxed
graphite (2.461 Å) [39]. This shrinkage can be explained by the
presence of point defects [32]. The scan recorded from the film on
Al2O3 (0001) consists of a single peak, centered at 2.456 Å. The
lattice contraction in comparison to graphite amounts only to
�0.20%, suggesting that the graphene lattice possesses fewer
point defects in this case (in agreement with results obtained by
Raman spectroscopy). On the other hand, the width of the peak is
larger than for the growth on 6√3-SiC (0001), which means that
there is a broader variation in the graphene lattice parameter.

To investigate the in-plane orientation of the graphene films,
line scans in the angular direction with an azimuthal range of
1301 were performed, and are presented in Fig. 3(a). Only
graphene peaks with a separation of 601 emerge, with an
intensity that is two orders of magnitude higher than the back-
ground signal. Hence, the films possess a single crystallographic
orientation with six-fold symmetry, as expected for graphene.
Additional measurements (not shown here) reveal that the
graphene films possess a single in-plane orientation with their
respective substrates, and that this alignment is rotated by an
angle of 301 [i.e. Al2O3/SiC (11–20) || graphene (1–100)]. Remark-
ably, such an epitaxial alignment of the layers occurs even though
previous results (obtained by X-ray photoelectron spectroscopy)
revealed that they only weakly interact with the underlying
substrate [21,32]. This indicates that van der Waals forces may
play an important role in the process of epitaxial arrangement,
although it is not yet possible to state that the whole process is
purely based on this type of interaction, as it is expected for ideal
van der Waals epitaxy [40]. Fig. 3(b) shows the in-plane align-
ment of the films with higher resolution. Even though the
complete carbon lattice is aligned to the substrate, disorder and
slight rotational misalignment between different domains is
possible. The graphene grown on the 6√3-SiC (0001) shows a
narrow peak with a FWHM of 0.61, indicating a strict epitaxial
alignment to the substrate. In contrast, the width of the peak
recorded from the film grown on Al2O3 (0001) amounts to 3.51.
Therefore, a larger degree of rotational disorder is present in the
film and the epitaxial relation is less well defined when com-
pared to growth on the quasi-homoepitaxial substrate. Note that
the peak intensity for growth on Al2O3 is one order of magnitude
lower compared with growth on 6√3-SiC (0001). Nevertheless,
since the peak's width in both radial and angular direction is
larger, the integrated peak intensities are comparable for both
samples, as expected given their similar thicknesses.

At first glance the Raman and GID analyses of graphene growth
by MBE on these two substrates offer potentially contradictory
results. As can be expected, growing on a (nearly) lattice matched
substrate [6√3-SiC (0001)] leads to superior in-plane ordering in
the graphene films when compared to growth on a heteroepitaxial
substrate (Al2O3). However, these differences in epitaxial align-
ment seem not to be manifested in the structural quality, as
determined by Raman spectroscopy, which revealed that the films
on both substrates have similar characteristics, with even slightly
narrower peaks widths obtained for the case of growth on Al2O3

(0001). This suggests that the final quality of graphene films
is ultimately not limited by defects in grain boundary regions
between graphene domains of different orientations, but rather by
the presence of point defects. Or, alternatively, that coalescence
between neighboring graphene domains does not take place
without the incorporation of defects, regardless of the epitaxial
relation between them.

Fig. 2. Radial line scans of the graphene (10–10) reflections (transformed to real
space) recorded from graphene films grown on the 6√3-SiC (0001) and on Al2O3

(0001). The x-axis is scaled to represent the lattice parameter of graphene, the
dotted line marks the lattice parameter of relaxed graphite.
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In addition to achieving epitaxial growth on different sub-
strates, it is also desirable to exert control over the thickness of
graphene films during synthesis. For the three substrates investi-
gated here, the average thickness of the graphene film could easily
be modulated with the growth time. This is an important benefit
of solid-source MBE in comparison to CVD-based processes.
Nevertheless, the existence of local thickness variations related
to substrate features such as step edges cannot be excluded. This is
particularly challenging during growth on Ni substrates.

We have employed SEM in conjunction with Raman spectro-
scopy to evaluate the thickness distribution within graphene films
grown on Ni/MgO (111) (Fig. 4). We find that a complete mono-

layer of graphene forms prior to any few-layer regions developing,
which is consistent with monolayer graphene bound to the Ni
surface being the energetically preferred state [41]. Upon comple-
tion of the first monolayer thicker regions of graphene begin to
form, and rather than forming an additional continuous layer, they
instead often form localized regions of thicker graphene. Despite
the fact that the films offer thickness inhomogeneities, their
average thickness scales well with deposition time, and indicate
a growth rate of 1 monolayer of graphene each 60 min which
enables precise, submonolayer thickness control. This growth rate
indicates that �18% of the carbon atoms impinging on the surface
become incorporated into the graphene film, as compared to �7%

Fig. 3. Scans in the angular direction of the graphene (11–20) reflection [Al2O3 (3–300)/SiC(2–200) || graphene (11–20)]. Note the different scales in (a) and (b).
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Fig. 4. SEM micrographs of graphene grown on Ni/MgO (111) for 40 min (a), and 200 min (b). The dark regions in (a) are graphene, while the lighter regions are exposed Ni,
showing this film did not reach a full monolayer. The entire surface in (b) is covered in graphene, with the darker regions being thicker portions of the film. A complete
monolayer of graphene forms prior to any multilayer formation (c), and the thickness disorder increases with deposition time. The average thickness of the graphene films
scale well with deposition time (d).
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for the dielectric substrates. The remaining carbon likely desorbs
from the substrate surface prior to incorporation. In the case of the
Ni/MgO (111) substrates, it may also dissolve into the metal.
Because surface features have been shown to influence graphene
growth, it is anticipated that further optimization of substrate
surface will allow for increased thickness homogeneity [24,30,42].

4. Conclusions

The results presented here attest to the feasibility of employing
MBE to controllably synthesize not only single-, but also few-layer
thick graphene films on various templates. They also emphasize
that more detailed investigations are still needed to completely
elucidate the nucleation and growth mechanisms involved. It has
been shown that state-of-the-art structural quality can be achi-
eved for graphene grown on a metallic surface by MBE. For
graphene layers prepared directly on insulators, a higher density
of defects is verified. Nevertheless, the findings obtained for the
latter case are particularly significant as they show that an
epitaxial process takes place during MBE growth on these sub-
strates [6√3-SiC (0001) and Al2O3 (0001)]. That strict epitaxy
occurs on these substrates, which largely removes rotational
disorder, means that the implementation of optimized synthesis
conditions will enable the fabrication of large-area graphene films
which possess a precise number of atomic layers, large domain
sizes, and therefore offer excellent electronic properties.
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a b s t r a c t

In this paper, we report the non-equilibrium growth of various Mn-doped Ge dilute magnetic
semiconductor nanostructures using molecular-beam epitaxy, including quantum dots, nanodisks and
nanowires. Their detailed structural and magnetic properties are characterized. By comparing the results
with those in MnxGe1�x thin films, it is affirmed that the use of nanostructures helps eliminate
crystalline defects and meanwhile enhance the carrier-mediate ferromagnetism from substantial
quantum confinements. Our systematic studies provide a promising platform to build nonvolatile
spinFET and other novel spintronic devices based upon dilute magnetic semiconductor nanostructures.

& 2015 Elsevier B.V. All rights reserved.

1. Instruction

The International Technology Roadmap of Semiconductors
(ITRS) has highlighted the demands of novel materials and devices
to satisfy the challenges in the continuous scaling of CMOS with low
power dissipation and low variability [1,2]. Spintronics, which
utilizes the spin of electrons as another degree of freedom for
information processing, offers a promising pathway to meet such
challenges [2]. As a unique material system, diluted magnetic
semiconductor (DMS), by introducing magnetic dopants into a
semiconductor lattice, plays an irreplaceable role in developing
peculiar spintronic devices due to the advantage of simultaneously
utilizing the charge and spin of electrons for information processing
[3,4]. Among various DMS materials, Mn-doped Ge DMS [5] has
attracted tremendous attention due to its potentially high Curie
temperature and high compatibility with the mature Si technology.
Especially, the discovery of electric-field controlled ferromagnetism
in MnxGe1�x systems [5,6] opens up great possibilities to realize
low-power spintronic devices with increased functionalities.

For room-temperature spintronics applications, single-crystalline
MnxGe1�x with high Curie temperature (Tc4300 K) is highly desired.
However, in practice it is very challenging. In the growth of MnxGe1�x

thin films, due to the extremely low Mn solubility in Ge, various
intermetallic compounds (such as Mn5Ge3 and Mn11Ge8) are easily
formed in a random and uncontrollable manner [7,8]. In fact, the
acquisition of single-crystalline MnxGe1�x DMS is in an extremely
narrow growth window with poor reproducibility. In the pioneered

work, Park et al. [5] successfully obtained such genuine MnxGe1�x thin
film and demonstrated the hold-mediated ferromagnetism, which
greatly stimulated the research in the Mn-doped Ge system. However,
the achieved Tc was only 116 K, far away from most practical applica-
tions. Later research aimed to further increase the Tc and electric-field
controllability at room temperature. However, extensive studies in
MnxGe1�x thin films have proved the origin of room-temperature
ferromagnetism is likely attributed to the presence of metallic phase
Mn5Ge3 (Tc �296 K) [8–11], whose ferromagnetism cannot be con-
trolled by external electric field. Recently, Jamet et al. [12] reported the
formation of MnxGe1�x thin film with Tc over 400 K, which was due to
the coherent MnxGe1�x nanocolumnwith the new phase of MnGe2. The
narrow growth window and poor reproducibility made it difficult to
produce high-quality Ge-based DMS for reliable spintronic devices [13].
To date, although great progress has been made in growing MnxGe1�x

DMS, the biggest challenge is still how to avoid the formation of
intermetallic precipitates and secondary phases.

To circumvent this problem, the employment of nanostructures
might open up a possibility to generate high-Tc DMS with no
precipitates. Two distinctive advantages could be introduced by
employing nanostructures. (1) When it comes to the one or zero
dimensions, the cluster formation may be possibly limited because
the strain induced by Mn substitute could be easily accommodated
by the nano-architecture [14]. (2) When it comes to nanoscale
structures, the quantum confinement effect emerges, which signifi-
cantly enhances the exchange coupling between the confined holes
and localized Mn [6,15]. In fact, previous report has demonstrated
that a chemical vapor deposition (CVD)-grown MnxGe1�x nanowires
has a Tc over 300 K without any precipitation in the detection
limitation of TEM [14]. Compared to the CVD method, the non-
equilibrium technique of molecular beam epitaxy (MBE) [3] growth
allows us to incorporate much higher Mn-doping concentration into
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the Ge matrix beyond the solubility limit, which could facilitate to
further increase the Tc.

In this work, we perform a systematic study on various MBE-
grown MnxGe1�x materials, and in particular, investigate the
structural and magnetic properties of different nanostructures,
including quantum dots, nanodisks and nanowires. By comparison
with the MnxGe1�x thin film, MnxGe1�x nanostructures showed a
much higher Tc over 400 K with minimized crystalline defects.
Therefore, they provided a promising platform to build novel
spintronic devices.

2. MnxGe1�x thin film growth by MBE

As a control sample in our comparison study, MnxGe1�x thin
films were grown on Ge (111) substrate by a Perkin-Elmer solid
source MBE with Ge and Mn Knudsen cells. Ge substrate was
cleaned by immersing in acetone and isopropyl alcohol with
ultrasonic agitation. After dipping in 1% diluted hydrofluoric acid
(HF) solution, the substrate was directly transferred into the MBE
chamber. The degassing was performed at 700 1C for 0.5 h. After
that, a 45 nm-thick MnxGe1�x was directly deposited onto the Ge
substrate at 200 1C with a Ge growth rate 0.2 Å/s. The micro-
structure and composition of the samples were comprehensively
characterized by transmission electron microscopy (TEM)
equipped with energy-dispersive spectroscopy (EDS). The mag-
netic properties were measured by using a superconducting
quantum interference device (SQUID).

Fig. 1(a) is a typical cross-sectional bright-field TEM image of the
grown MnxGe1�x film, in which some much dark regions are
embedded in a relatively uniform contrast. It means other nanos-
tructures were formed except for the relatively uniform doped
MnGe as marked by red-dotted square. To understand the detailed
structure, high-resolution TEM (HRTEM) was employed and typical
[110] zone-axis TEM results are shown in Fig. 1(b)–(d). In Fig. 1(b),
stacking faults (SFs) could be clearly observed in the Ge matrix, in
which a triplet periodicity of (111) Ge lattice spacing in the SFs was
explicitly featured [16]. The formation of SFs might come from the
strain accumulation of Mn doping and lattice-mismatched precipi-
tates. Fig. 1(c) was collected from the relatively uniform doped
region and clearly displayed a very good crystallinity, exhibiting a
DMS feature. We must mention that noticeable precipitates could
be observed in our thin film sample, as shown in Fig. 1(d). It clearly
shows another set of lattice structure different from the Ge matrix.

Using the lattice spacing of the Ge as the reference, we calculated
the observed lattice spaces of the cluster, which matched with the
(002) and (010) atomic planes of the hexagonal Mn5Ge3 phase
[17,18]. Furthermore, it was confirmed that the Mn5Ge3 (002) plane
was parallel to the Ge (111) plane. To determine the Mn doping
concentration, EDS was carried out and the result showed the
average Mn concentration was �4%, as shown in Fig. 1(e).

The magnetic property of the grown MnxGe1�x film was mea-
sured by SQUID, and the result is shown in Fig. 1(f). Clear magnetic
hysteresis can be observed between 10 K and 250 K, and it disap-
peared around 300 K. To further determine the Tc and detect any
magnetic precipitates, zero-field cooled (ZFC) and field cooled (FC)
magnetization measurements were performed under a small mag-
netic field of 200 Oe. As shown in Fig. 1(g), the magnetization
vanished near 300 K, indicating a Tc �300 K, which further confirms
the formation of Mn5Ge3 ( Tc �296 K) [12]. Two blocking tempera-
tures coexisted in the ZFC curve, with the lower one at 20 K and the
higher one at 200 K, which were attributed to Mn-rich coherent
MnxGe1–x nanostructures [13] and Mn5Ge3 precipitates [10], respec-
tively. Both of them could be well resolved in the TEM characteriza-
tion in Fig. 1(a), as indicated by white arrows and red-dotted squares.

Based upon the above TEM characterization and magnetic
property measurement, Mn-rich MnxGe1�x lattice-coherent phases
and Mn5Ge3 clusters were hard to be eliminated in the thin film
growth, which hampered the formation of single-crystalline
MnxGe1�x DMS with high Tc. Therefore, it is of great interest to
further investigate the growth of MnxGe1�x nanostructures.

3. Self-assembled MnxGe1�x quantum dots by MBE

In our earlier work, we have successfully demonstrated the
growth of MnxGe1�x quantum dots (QDs) on p-type Si (100)
substrate by MBE [6]. The growth of MnxGe1�x QDs were carried
out at 450 1C with Ge growth rate of 0.2 Å/s, abiding by the Stranski–
Krastanow (SK) [19] growth mode. Cross-sectional TEM was
employed to determine the structural characteristics of the grown
MnxGe1�x QDs, as shown in Fig. 2(a). It revealed a dome-shaped
nanodot on top of the Si substrate with Mn diffusion underneath.
Meanwhile, it shows a perfectly single crystallinity without any
observable defects and precipitates in the QDs, implying a pure
DMS system. The temperature-dependent hysteresis loops are shown
in Fig. 2(b), in which the coercivity and saturated magnetic moment
decreased with increasing temperature. However, even at 400 K, the

Fig. 1. (a) A typical cross-sectional TEM image of the MnxGe1�x thin film. (b), (c) and (d) HRTEM images of stacking faults, MnxGe1�x DMS region and Mn5Ge3 cluster in the
film, respectively. (e) EDS spectrum confirming the �4% Mn doping. (f) Temperature-dependent hysteresis loop of the MnxGe1-x film. (g) ZFC and FC curves, showing a Tc
�300 K.
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hysteresis loop still existed, indicating the Tc of MnxGe1�x QDs was
over 400 K. The fact of the high Tc in MnxGe1�x QDs confirms that
the use of nanostructures indeed helped enhance the Tc compared to
thin films. Furthermore, using a metal-oxide-semiconductor (MOS)
structure, the electric field control of ferromagnetism in the
MnxGe1�x QDs has been demonstrated, as shown in Fig. 2(c). The
experimental data suggest the itinerant holes play an important role
in mediating the ferromagnetism.

4. Nanolithography-patterned MnxGe1�x nanodisks by MBE

In addition to the effort on the growth of MnxGe1�x QDs, another
type of nanostructures – MnxGe1-x nanodisks were investigated by
MBE growth on a SiO2 patterned Si substrate. The SiO2 pattern was
fabricated on a Si substrate by nanolithography [20], which utilized
the nanospheres to self-assembly form hexagonal close-packed pat-
tern. By series of etching process, the hexagonal close-packed pattern
could be inversely transferred to the SiO2 mask. Fig. 3(a) is a typical
AFM image of the SiO2 mask, clearly showing a regular and repeatable
nanohole pattern with a diameter of �100 nm. After cleaned by
standard RCA process [21], the patterned substrate was transferred to
the MBE chamber for MnxGe1�x nanodisks growth. After removing
the native oxide layer at 950 1C for 10 min, the substrate was cooled
down to 250 1C for the MnxGe1�x deposition with a Ge growth rate of
�0.2 Å/s. Fig. 3(b) is a typical SEM image of the grown sample after
removing the SiO2 mask, which shows ordered MnxGe1�x nanodisks
with a diameter of 100 nm and uniform size distribution. The tilted

SEM view in Fig. 3(c) clearly demonstrates the ordered nanodisks are
�20 nm high. To understand the detailed microstructure, cross-
sectional HRTEM was employed and a typical image is shown
in Fig. 3(d). A sharp interface between the Si substrate and the
MnxGe1�x nanodisks could be clearly observed with well-resolved
lattice coherence. Careful examination could find there still exist some
stacking faults in the MnxGe1�x nanodisk, but without any noticeable
precipitates, indicating a relatively good DSM system. Besides, EDS
spectrum analysis in Fig. 3(e) shows a Mn doping concentration of
�4%. Magnetic properties of the grown MnxGe1�x nanodisks were
further characterized in SQUID as well. Fig. 3(f) shows the
temperature-dependent hysteresis loops with in-plane magnetic
fields. The clear hysteresis loop at 300 K indicated that the Tc of the
MnxGe1-x nanodisks is above 300 K, affirming the enhancement of Tc
in nanostructures. From the ZFC and FC curves as shown in Fig. 3(g),
the non-zero magnetization at 400 K further indicates that the Tc is
beyond 400 K. The separation of the ZFC and FC curves possibly arises
from strain-induced anisotropy because of a large lattice mismatch
between Si and Ge [6].

5. Pattern-assisted MBE growth of MnxGe1�x nanowires

Besides to the above quasi-zero-dimensional QDs and nanodisks,
one-dimensional MnxGe1�x DMS nanowires were also grown by MBE
on a Ge substrate with SiO2 nanotrench patterns as the mask [22].
After removal of the native oxide by annealing at 600 1C for 30 min,
the substrate was cooled down to 180 1C for the 60 nm-thick

Fig. 2. (a) HRTEM image of a MnxGe1�x QD. (b) Magnetic hysteresis loops from 5 K to 400 K. (c) Gate-dependent remnant moments and magnetic hysteresis loops (inset).
Reproduced from Ref. [6].

Fig. 3. (a) A typical AFM image of the ordered SiO2 mask. (b) Top-view SEM image of the grown nanodisks with �100 nm diameter. (c) Cross-sectional SEM image, showing
the height is �20 nm. (d) The corresponding HRTEM image, showing the coherent growth. (e) EDS spectrum showing a �4% Mn doping. (f) Temperature-dependent
hysteresis loops. (g) ZFC and FC magnetization of the nanodisks with H¼100 Oe.
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MnxGe1�x nanowire growth with a Ge growth rate of 0.2 Å/s. After the
growth, cross-sectional TEM was used to investigate its structural
characteristics, and a typical image is shown in Fig. 4(a). It shows that
MnxGe1�x nanowires are located on the Ge substrate and separated by
the SiO2 patterns. The inset HRTEM image clearly reveals a perfect
crystallinity of the nanowire, inwhich no crystalline defects andMnGe
precipitates were observed. Furthermore, magnetic properties of the
grown MnxGe1�x nanowires were measured by SQUID with in-plane
magnetic fields. Fig. 4(b) shows the temperature-dependent magnetic
hysteresis loops with temperature range from 10 K to 400 K. Clear
hysteresis loop can still be observed even at 400 K, which provides a
direct evidence of Tc beyond 400 K. To investigate the electric-field
controlled ferromagnetism, a MOS structure similar to the one in
MnxGe1�x QDs was fabricated using the MnxGe1�x nanowires as
channel. By sweeping the gate voltage from positive to negative, the
carrier density in the MnxGe1�x DMS nanowires was modulated.
Fig. 4(c) shows the gate-dependent coercivity, and the inset shows the
magnified magnetic hysteresis loops recorded at various gate voltages.
It is found that the coercivity decreased with increasing positive gate
voltage, which depleted holes in the MnxGe1�x nanowire. This result
confirmed the ferromagnetism in the MnxGe1�x nanowire was
mediated by itinerant holes, similar to the scenario in the MnxGe1�x

QDs. Our results further confirmed that the use of DMS nanostructures
could enhance the carrier-mediate ferromagnetism and meanwhile
minimize crystal defects because of the quantum confinements.

6. Conclusion

In conclusion, we have demonstrated the MBE growth of various
single-crystalline high-Tc MnxGe1�x nanostructures, including QDs,
nanodisks, and nanowires, in order to address the defects issue in the
thin film growth. Detailed TEM structural analysis has excluded the
presence of metallic precipitates or secondary phases in these
nanostructures. Magnetic property characterizations show that the Tc
is above 400 K. The enhancement in the carrier-mediated ferromag-
netism and the single crystallinity is attributed to the substantial
quantum confinement in nanostructures. Therefore, our findings
provide great opportunities to build practical spintronic devices, such
as DMS-based transpinor [22,23], using DMS nanostructures.
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a b s t r a c t

GaSb/GaAs quantum dots (QDs) and quantum rings (QRs) are investigated. By using periodical growth
interrupts, precise coverage control can be achieved for GaSb QD growth by using a single Ga source.
With direct As irradiation to the substrate surface during the post soaking time, the soaking time can be
effectively reduced while full ring morphologies and room-temperature QR luminescence can still be
obtained by using this method.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Compared with conventional type-I InAs quantum dots (QDs),
GaSb/GaAs QDs and quantum rings (QRs) are of type-II band
alignment and are believed to be promising candidates for memory
device applications [1]. However, due to the difficult-to-control As/Sb
interfaces, limited papers are published on theses nano-structures. In
one previous publication, it has been demonstrated that with extend
post-growth Sb soaking procedure, the dot morphology can be well
maintained after GaAs capping layer growth [2]. The photo-
luminescence (PL) intensities are also enhanced after the long post-
growth soaking times. In this case, device applications such as room-
temperature light-emitting devices and high-temperature operation
quantum-dot infrared photodetectors are demonstrated by using this
growth technique [3,4]. Lasing behavior of the type-II GaSb QDs in a
microdisk cavity is also observed [5]. Compared with the simple
extended post-growth Sb soaking time for GaAs QD growth, although
the self-formed QRs after GaAs capping seems to be a promising
approach for QR growth, there is no direct evidence that full ring
morphology is obtained by using this approach [6]. Therefore, it has
been proposed that by well controlling the Sb/background As flux
ratios, either full- dot or ring morphologies can be obtained and
observed before GaAs capping layer growth [7]. More significant PL
intensities are also observed for QRs due to the more surrounding

electrons around the QRs and the less abrupt GaSb/GaAs interfaces.
Compatible luminescence intensities with type-I InAs QDs and
1.3 μm luminescence are also observed for coupled- and InGaAs-
capped QRs [8,9].

Although extended post-growth Sb soaking time does help in
enhancing the luminescence intensities of GaSb QDs and QRs, the long
growth interrupt may increase background impurity incorporation in
the GaSb/GaAs interfaces. Due to the different growth rates of GaAs
and GaSb, two Ga sources are usually required for the preparation of
GaSb/GaAs nano-structures. Therefore, in this report, we have demon-
strated that by using periodical growth interrupts, precise coverage
control can be achieved for GaSb QD growth by using a single Ga
source in reasonable time duration. With direct As irradiation to the
substrate surface during the post Sb soaking procedure, the post-
growth Sb soaking time can be effectively reduced while full ring

Contents lists available at ScienceDirect

journal homepage: www.elsevier.com/locate/jcrysgro
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Table 1
The wafer structures of Samples A, B, C and D.

Sample A B C D

Post Soaking 60 s
(Sb/As ratio) No As No As 0.25 0.05
GaSb QDs 3 ML GaSb
Spacer layer 200 nm undoped GaAs
Post soaking 60 s
(Sb/As ratio) No As No As 0.25 0.05
GaSb QDs 3 ML GaSb
Buffer layer 200 nm undoped GaAs
350 mm SI GaAs Substrate
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morphologies and room-temperature QR luminescence can still be
obtained via this method.

2. Experiment

All the samples discussed in this paper are grown on (100)-
oriented semi-insulating GaAs substrates by using SVTA solid-source

molecular beam epitaxy system (MBE). The wafer structures are
shown in Table 1. The growth procedure is as following: (1) 200 nm
undoped GaAs buffer layer growth, (2) 10 s. Sb pre-soaking proce-
dure to form 1 mono-layer (ML) GaSb on GaAs surface, (3) periodical
2 MLs GaSb deposition for Samples B, C and D to form 3MLs GaSb
QDs, (4) 60 s. post-growth Sb soaking with controlled Sb/As flux
ratios, (5) 200 nm undoped GaAs capping layer growth, (6) repeat
steps (2)–(4) to form the uppermost GaSb layer for atomic-force

Fig. 1. (a) The 1�1 μm2 AFM images of Samples A and B. (b) The dot diameter and (c) the dot height histograms of the two samples extracted from the AFM images.

H.-A. Chen et al. / Journal of Crystal Growth 425 (2015) 283–286284



microscopy (AFM) measurements. As4 and Sb4 are adopted for GaAs
and GaSb material growth. The growth temperature for GaSb nano-
structures is set at 470 1C with V/III ratio kept at 1. The growth rates
of GaSb are determined by the thickness of 1.5 MLs GaSb divided by
the appearance time of spotty reflection high-energy electron
diffraction pattern (RHEED) [10]. For Sample A without growth
interrupts, the growth time for 3 MLs GaSb deposition is 12 s. For
sample B, C and D, six periods of 1 s. Ga shutter open and 4 s.
interrupt are adopted by the periodical growth mode for 3 MLs GaSb
deposition. The Sb shutter is kept open and the Ga source tempera-
ture and V/III ratios are the same for all the samples during GaSb
growth. The shorter total Ga shutter open time for Samples B, C and
D to achieve the same 3 MLs GaSb coverage suggests that higher
GaSb growth rate is obtained by using periodical growth mode. The
possible mechanism responsible for this phenomenon is the higher
Ga sticking coefficient resulted from the effectively higher V/III ratios
during GaSb growth for the three samples. The AFM measurements

are performed by using Veeco Innova SPM system. The PL measure-
ments are performed by using the Jobin Yvon's NanoLog3 system
coupled with a He–Ne laser as pumping source and a Janis cryostat to
cool down the samples.

3. Result and discussion

The 1�1 μm2 AFM images of Samples A and B are shown in
Fig. 1(a). As shown in the figure, slightly higher dot density
6.5�1010 cm�2 is observed for Sample B than the value
4.1�1010 cm�2 for Sample A. To investigate their diameter/height
distributions, the dot diameter/height histograms of the two
samples are shown in Fig. 1(b) and (c). The average dot dia-
meters/heights of Samples A and B are 58.7/7.9 and 35.6/3.1 nm,
respectively. As discussed in the experiment section, higher GaSb
growth rate is obtained for Sample B with periodical growth mode
due to the effectively higher V/III ratio. In this case, the less
significant adatom migration of Sample B would result in higher
dot density and smaller QDs in sizes [11]. Another phenomenon
observed in the figure is the similar fluctuations �20% in diameters
and heights for the two samples. The results suggest that although
Sample B is of longer adatom migration time (with additional 20 s.
interrupt time), the possible dot uniformity improvement cancels
out with its effectively higher GaSb growth rate such that similar
size fluctuations are observed for the two samples.

It has been proposed elsewhere that full GaSb QD or QR
morphologies can be obtained by well controlling the Sb/back-
ground As flux ratios during the post-growth Sb soaking proce-
dure [7]. Although this method does provide a ready approach for
full- dot or ring growth, it is difficult to verify actual Sb and As flux
ratios reaching the substrate surfaces. Longer post Sb soaking time
is also required by using this approach. Therefore, to achieve ring
formation in a shorter post-growth Sb soaking time with con-
trollable Sb and As flux ratios, Samples C and D with the same QD
growth conditions as Sample B are prepared. During the shortened
60 s. post-growth Sb soaking time, the Sb/As ratios are kept at 0.25
and 0.05 with the As shutter open for Samples C and D, respec-
tively. To investigate the growth evolution of GaSb QRs, the in-situ
reflection high-energy electron diffraction (RHEED) patterns cor-
respond to the growth procedure steps (2) to (4) are shown in
Fig. 2(a), (b) and (c), respectively. Similar RHEED patterns evolu-
tion are observed for both Samples C and D. At step (2), the GaAs
surface is soaked under Sb irradiation. In this case, the Sb atoms
would exchange with As and take the As site. Then, a mono-layer
of GaSb would be formed on the GaAs surface. The RHEED pattern
would change from the GaAs 2�4 to GaSb 1�3 reconstruction

Fig. 2. The RHEED patterns correspond to different growth steps of (a) Sb pre-
soaking procedure, (b) 3 ML GaSb QD formation and (c) post-growth Sb soaking
procedure for GaSb QR growth. Similar RHEED patterns evolutions are observed for
both Samples C and D. In (a) and (c), the solid arrow lines indicate the main lines
while the dash arrow lines represent the 1/3 lines.

Fig. 3. The 1�1 μm2 AFM images of Samples C and D. The average heights 0.97 and 1.08 nm and the average diameters 44.586 nm and 42.742 nm are observed for the two
samples, respectively.
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patterns as shown in Fig. 2(a). At step (3), periodical 2 ML GaSb is
deposited on the pre-formed 1 ML GaSb layer such that in total
3 MLs of GaSb is grown on GaAs surface. Once the GaSb coverage
reached the critical thickness 2.5 MLs including the pre-formed
1 ML GaSb, the 1�3 pattern would change into bright spotty
RHEED pattern as shown in Fig. 2(b). At this stage, GaSb QDs are
formed on the GaAs substrate. At the post-growth Sb soaking
procedure step (3), with the direct As supply during this proce-
dure, severe As-for-Sb exchange would take place. The bright
spotty RHEED pattern would gradually change back to 1�3
pattern as shown in Fig. 2(c). After growth, the samples are moved
out of the chamber for AFM measurements.

The 1�1 μm2 AFM images of Samples C and D are shown in
Fig. 3. As shown in the figure, QD/QR mixture with total density of
4.1�1010 cm�2 and full-ring morphologies with ring density
4.0�1010 cm�2 and the average heights 0.97 and 1.08 nm are
observed for Samples C and D, respectively. The much reduced ring
heights �1 nm of the two samples compared with the 3.1 nm dot
height of Sample B would result in a near flat surface for RHEED
observations. In this case, after the post-growth soaking Sb soaking
procedure, although GaSb QRs are still on GaAs surfaces, the RHEED
pattern shown in Fig. 2(c) would change back to 1�3 pattern. As
shown in Fig. 3, with the lower As flux of Sample C, As-for-Sb
exchange is not intense enough to convert all the dots to rings. The
similar dotþring and ring densities of the two samples with Sample
A instead of Sample B suggest that smaller dots observed in Sample
B may completely disappear during the intense As-for-Sb exchange
process. In this case, reduced ring densities compared with Sample

B are observed for the two samples. The other supporting evidence
comes from the similar ring outer diameters of Sample C and D with
the dot diameter of Sample B.

One important characteristic for type-II hetero-structures is the PL
peak blue shift with increasing pumping powers [3]. The 10 K PL
spectra of Sample D under excitation power densities 4, 16 and
32mW/cm2 are shown in Fig. 4(a). The PL peak shift from 1.046 to
1.060 eVwith increasing pumping power densities. The results suggest
that the luminescence does come from the type-II GaSb/GaAs quan-
tum rings. The major advantage of GaSb QDs and QRs prepared by
using the extended post Sb soaking procedure is their superior optical
characteristics and room-temperature luminescence [2]. The room-
temperature PL spectrum of Sample D is shown in Fig. 4(b). The results
suggests that by using periodical growth interrupts and direct As
irradiations during the post-growth soaking procedure, high-quality
GaSb QRs can also be obtained by using a single Ga source. Compared
with the long 120 s. post Sb soaking time in previous publications [7],
room-temperature luminescence can still be observed for the GaSb
QRs prepared under reduced 60 s. post Sb soaking time with As atom
directly irradiated on the substrates.

4. Conclusion

In conclusion, by using periodical growth interrupts, precise
coverage control can be achieved for GaSb QD growth by using a
single Ga source. With direct As irradiation to the substrate
surface during the post Sb soaking procedure, the post-growth
Sb soaking time can be reduced while full ring morphologies and
room-temperature QR luminescence can still be observed by
using this method. The periodical growth interrupts for GaSb
QDs and direct As irradiation during the post Sb soaking proce-
dure for GaSb QRs are proved to be a ready approach for the
growth of GaSb nano-structures.
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Fig. 4. (a) The 10 K power-dependent and (b) the room-temperature PL spectra of
Sample D.
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a b s t r a c t

We report the achievement in the fabrication of self-assembled GaSb quantum rings (QRs) on GaAs
(0 0 1) substrates by droplet epitaxy technique using molecular beam epitaxy. Surface morphology was
characterized by atomic force microscopy. The QR formation can be described by the diffusion of Ga
atoms out of an initial Ga droplet during crystallization with Sb flux. The understanding of the formation
mechanism lights up the way to grow more complex GaSb nanostructures by droplet epitaxy. The optical
properties of GaSb QRs in a GaAs matrix were investigated by photoluminescence (PL). Power- and
temperature-dependent PL measurements were performed to study the carrier dynamics and to observe
the characteristics of type-II band alignment.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

GaSb/GaAs quantum dots (QDs) are of interest owing to the
staggered type-II band alignment where holes are strongly con-
fined in the GaSb QDs, whereas electrons in a GaAs matrix form a
shell around the QDs due to the Coulomb attraction. The spatial
separation between electrons and holes makes the carrier lifetime
become longer, which is promising for solar cells [1]. Moreover,
the GaSb/GaAs QDs are plausible for the room-temperature charge
storage devices as they possess the large hole confinement energy
of 450 meV [2]. For the light-emitting applications, it seems that
the GaSb/GaAs QDs are not suitable since the radiative recombina-
tion is less efficient in the type-II band alignment. Nevertheless,
the photoluminescence (PL) and electroluminescence (EL) from
the GaSb/GaAs QDs can be observed even at room temperature by
performing the long Sb post-soaking [3]. The use of ring-shaped
nanostructures or quantum rings (QRs) is another way to enhance
the luminescence in the GaSb/GaAs system because there is more
surface area for the recombination between the electrons in the
GaAs matrix and the confined holes in the GaSb QRs [4]. A
theoretical study also reveals that the GaSb/GaAs QRs are a good
candidate for the observation of strong Aharonov–Bohm effect [5].
The GaSb QDs can be turned into the GaSb QRs by capping with a
GaAs layer as a result of the As-for-Sb exchange reaction. None-
theless, some QDs may still remain but in the smaller size,

affecting both the uniformity and the optical properties [6]. By
the similar mechanism, the post-soaking with some Sb/As ratios
on the GaSb QDs results in the formation of QRs [4]. Besides, the
GaSb QRs can be formed by the molecular beam epitaxy (MBE)
with an unusual growth procedure [7] or the metal–organic
molecular beam epitaxy (MOMBE) with a partial-capping-and-
regrowth technique [8]. These methods, however, require the
special conditions and the complicated procedures. Therefore,
we have demonstrated the utilization of droplet epitaxy, which
is a simple method, in the fabrication of GaSb/GaAs QRs. The PL
measurement was performed to study the optical properties of the
QRs as well as the carrier dynamics.

2. Experimental procedure

GaSb QRs were grown on semi-insulating GaAs(0 0 1) sub-
strates by droplet epitaxy technique using Riber Compact 21 solid-
source MBE equipped with Sb valved-cracker cell. After the
desorption of the native oxide at 580 1C under the As4 flux of
8�10�6 Torr for 10 min, a 300-nm GaAs buffer layer was grown at
580 1C. Next, the substrate temperature (Ts) was reduced to 300 1C
under the As4 flux. When Ts ¼ 300 1C, the As4 flux was stopped
supplying in order to eliminate the As atmosphere in the growth
chamber. After that, it was needed to wait until the background
pressure of the growth chamber was less than 5�10�9 Torr to
prevent the initial reaction between Ga and As4 during the Ga
deposition. Then, the Ga amount of 3 monolayers (ML) (an
equivalent amount of 3-ML GaAs grown under the As pressure)
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was deposited on the substrate surface at Ts ¼ 300 1C with a
deposition rate of 0.5 ML/s to form the liquid Ga droplets. Subse-
quently, Ts was decreased to 250 1C and the Sb4 flux of
5�10�7 Torr was irradiated to the substrate surface for 90 s to
crystallize the Ga droplets into the GaSb nanocrystals. The forma-
tion of GaSb QRs after crystallization was indicated by the reflec-
tion high energy electron diffraction (RHEED) pattern featured by
streaks and spots [9]. Finally, the sample was rapidly cooled down
to room temperature. To confirm the existence of the Ga droplets
after Ga deposition, another sample was provided by stopping the
growth just after the Ga deposition at Ts ¼ 300 1C without
crystallization. Morphology of the Ga droplets and the GaSb QRs
was investigated by atomic force microscopy (AFM) operated in
dynamic mode.

For the PL study, the GaSb QRs were capped with a 150-nm
GaAs layer. The details of the capping process have been reported

elsewhere [10]. A 514.5-nm Arþ laser having a spot size of
�0.3 mm was used as an excitation source. The PL spectra were
detected by a cooled Ge detector. The power- and temperature-
dependent PL measurements were also carried out.

3. Results and discussion

Fig. 1(a) shows an AFM image of Ga droplets having the density
of �1.8�109 cm�2. A three-dimensional (3D) AFM image of a
single Ga droplet and its cross-sectional profiles along [1 1 0] and
[1 1 0] directions are depicted in Fig. 1(b). The average droplet size
is 94 nm in diameter (s) and 10.6 nm in height (t). After the Ga
droplets were exposed to the Sb4 flux of 5�10�7 Torr for 90 s, the
GaSb QRs were formed on the surface, as confirmed by the AFM
image in Fig. 2(a) as well as the RHEED pattern consisting of

Fig. 1. (a) AFM image of Ga droplets. (b) Three-dimensional AFM image of a single Ga droplet (enclosed by a white square) with its cross-sectional profiles.

Fig. 2. (a) AFM image of GaSb QRs. (b) Three-dimensional AFM image of a single GaSb QR (enclosed by a white square) with its cross-sectional profiles.
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streaks and spots. To make a closer look at the GaSb QR, the 3D
AFM image of a single GaSb QR and its cross-sectional profiles are
provided in Fig. 2(b). The average QR size is 96 nm in diameter (w)
and 1.3 nm in depth (d). Compared with the droplet size, the larger
average QR diameter indicates the outward diffusion of Ga atoms.
Since the density of GaSb QRs is equivalent to the density of Ga
droplets, it can be deduced that all Ga droplets were evolved into
the GaSb QRs after crystallization with the Sb4 flux.

The formation mechanism of the GaSb QR can be explained by
the diffusion of Ga atoms from the initial Ga droplet. When Ga is
deposited on the c(4�4) GaAs surface, the liquid Ga droplets are
formed in consequence of Volmer-Weber-like growth mode. It
results in a Ga-rich region at the interface between the Ga droplet
and the GaAs surface. The GaAs surface underneath the droplet is
thus dissolved into Ga and As atoms. Since the Sb4 flux intensity
used for the crystallization is not high, the periphery of Ga droplet
would have more possibility to be crystallized into the GaSb
nanocrystals. This is similar to the case of GaAs QRs grown by
droplet epitaxy [11]. The growth of GaSb nanocrystals at the
droplet periphery, therefore, has a higher rate than other parts
and acts as the nucleation seed for the further GaSb growth.
Because of the gradient of Ga atom concentration, Ga atoms from
both the initial Ga droplet and the dissolved Ga atoms diffuse out
of the droplet and react with the Sb4 flux, giving rise to the lobe
around the nanohole (see Fig. 2). The dissolved As atoms would be
replaced by the Sb atoms due to the Sb-for-As exchange reaction
[12]. Besides, the Sb-for-As exchange reaction turns the GaAs
surface into the GaSb surface during crystallization. The shape of
GaSb QRs is quite circular as a result of the isotropic diffusion of Ga
atoms on the GaSb surface [13].

Fig. 3(a) shows the power-dependent PL measured at 7 K. The
variation range of peak energy is around 1.103–1.122 eV for the
GaSb QRs and 1.217–1.227 eV for the GaSb layer which is origi-
nated from the Sb-for-As exchange reaction during crystallization
as above-mentioned. The excitation power (P) was varied from
5 to 150 mW. It is worth noting that the PL peak energies of GaSb
QRs (EQR) and GaSb layer (Elayer) shift to higher energies with
increasing P (see Fig. 3(a)). This is a characteristic of the type-II
band alignment [14]. The internal electric fields appeared at the
GaSb/GaAs interfaces bend the conduction band into the triangu-
lar quantum wells (TQWs), giving rise to the quantized energy
levels for electrons [15]. The increase of P enhances the accumula-
tion of photogenerated carriers as well as the internal electric
fields at the interfaces, resulting in the more bending conduction
band and hence the raising up of electron quantization energy
[15]. That is why EQR and Elayer become blueshift when P increases.
According to the TQW model, the electron quantization energy
would increase proportionally with the third root of excitation
power [15]. The plots of EQR and Elayer as a function of the third root
of excitation power (P1/3) are shown in Fig. 3(b). The dependence
of integrated PL intensities (IPLs) of GaSb QRs and GaSb layer on
the excitation power is displayed in Fig. 3(c). As expected, EQR
increases linearly with P1/3. Furthermore, the IPL of GaSb QRs is
linearly dependent on P, implying that the carrier loss through the
non-radiative recombination processes is negligible. It is note-
worthy that Elayer becomes saturated when P exceeds 50 mW. This
saturation behavior also appears in the IPL of GaSb layer. Such
phenomena have been observed in the GaSb wetting layer (WL) in
the growth of GaSb/GaAs QDs by a Stranski–Krastanov method
and are attributed to the reduction of oscillator strength by
screening within the 2D electron–hole plasma [16].

The temperature-dependent PL spectra taken by using P ¼
100 mW are displayed in Fig. 4(a). The PL spectra can be distinctly
detected until 250 K. However, the observation of PL emissions at
high temperatures reflects a good crystal quality. Fig. 4(b) shows
the dependence of EQR and Elayer on the temperature (T). Both EQR

and Elayer exhibit the blueshift for the temperature range of 7–50 K
and follow the band gap temperature dependence for high
temperatures owing to the cumulative effects of the electron–
phonon interaction and the thermal lattice expansion. The blue-
shift occurring at the low temperature range is another character-
istic of the type-II band alignment and can be described by the
more population of thermal-excited carriers, leading to the steeper
TQW where the electron quantization energy is shifted up [15]. An
Arrhenius plot of IPLs of GaSb QRs and GaSb layer is depicted in
Fig. 4(c). The temperature dependence of IPL can be expressed by
I(T) ¼ I0/[1þCexp(–Ea/kT)] where I0 is the IPL at 0 K, C is the
constant, Ea is the activation energy, and k is the Boltzmann
constant. The activation energy of �160 meV is obtained for the
GaSb QRs (Ea,QR) and �215 meV for the GaSb layer (Ea,layer). Ea,layer
conforms to the calculated hole confinement energy for the GaSb
WL (�207 meV) which is a similar structure to the GaSb layer [16],
indicating that the PL quenching originates from the thermal
escape of holes. From the carrier confinement point of view, the
QRs confine the carriers in all three spatial directions like the QDs
[17]. Thus, the GaSb QRs should have more activation energy than

Fig. 3. (a) Power-dependent PL spectra at 7 K. The inset shows a schematic diagram
of band alignment. (b) A plot of EQR and Elayer as a function of the third root of
excitation power. The dashed straight lines are guide for the eyes. (c) A log–log plot
of integrated PL intensity as a function of the excitation power.
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the GaSb layer. Nonetheless, we find that Ea,QR is less than Ea,layer,
implying that there should be a carrier transfer between the GaSb
QRs and the GaSb layer. Fig. 4(c) reveals that the PL intensity of the
GaSb layer decreases at the same time that the PL intensity of the
GaSb QRs increases at T ¼ 175 K (1/kTE66 eV�1), suggesting that
the thermally escaped holes from the GaSb layer become captured
into the GaSb QRs, and then contribute to the emission of the QRs.

That is why the PL intensity of the GaSb QRs drops slower than
that of the GaSb layer.

4. Conclusion

We have successfully fabricated the self-assembled GaSb QRs
on GaAs (0 0 1) substrates by droplet epitaxy technique. Each QR
consists of the lobe around the nanohole as a result of the outward
diffusion of Ga atoms from the initial droplet during crystallization
with the Sb4 flux. PL emission from the QRs, which can be
observed at high temperatures, reveals the good crystal quality
even the QRs were grown at the low temperature. The carrier
dynamics and the signatures of type-II band alignment were
investigated by the power- and temperature-dependent PL
measurements.
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a b s t r a c t

We report on the molecular beam epitaxial growth of self-assembled GaSb quantum dots (QDs) on
(0 0 1) GaAs substrates with an insertion layer. The insertion layer, which is a 4-monolayers (MLs)
InxGa1�xAs (x¼0.00, 0.07, 0.15, 0.20 and 0.25), is grown prior to the QD growth. With this InGaAs
insertion layer, the obtained QD density decreases substantially, while the QD height and diameter
increase as compared with typical GaSb QDs grown on conventional (0 0 1) GaAs surface under the same
growth condition. The GaSb QDs on GaAs have the dome shape with elliptical base and the elongation
direction of the base is along the [1 1 0] direction. When the InGaAs insertion layer is introduced, the
distinct elongation disappears and the QD sidewall shows facet-related surfaces with (0 0 1) plateau
on top.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

For a few decades, semiconductor quantum dots (QDs) have
gained considerable interests due to their promising properties for
device applications. Many electronic and optoelectronic devices
based on III–V QDs have been investigated [1–6]. They include
lasers, light emitting diodes, photodetectors, photovoltaic cells and
memories. Among these devices, self-assembled In(Ga)As/GaAs QD
is a major dot system that has been investigated. However, GaSb/
GaAs QDs, which have a type II band alignment, might be more
suitable for some applications. For instance, GaSb/GaAs has been
proposed to be used in charge-based memory device due to its large
hole confinement [5]. Device performance will depend on the QD
properties. It is therefore of interest to investigate structural
properties of obtained QDs under various growth conditions in
order to fine-tune them for any specific applications. In literature,
different GaSb QD shapes have been reported [7,8]. For example,
Jiang et al. [7] have shown that the elongation of GaSb QDs along
the [1 1 0] direction can be controlled by changing the V/III ratio.

In this work, we report on the structural properties of free-
standing self-assembled GaSb QDs when InxGa1�xAs insertion
layers with x¼0.00, 0.07, 0.15, 0.20 and 0.25 are introduced. All
samples were grown by a molecular beam epitaxy (MBE) with an Sb
valved-cracker cell and investigated by atomic force microscopy
(AFM). The presence of indium in InGaAs insertion layer induces the
substantial decrement of QD density, the enlargement of QD size
(both height and diameter) and the transition from elongated QD
shape to QD with facet-related sidewalls and (0 0 1) plateau on top.

2. Experiments

All samples were grown on semi-insulating (0 0 1) GaAs sub-
strates in Riber Compact 21 solid-source MBE equipped with an Sb
valved-cracker cell. After the deoxidation of surface oxide on GaAs
substrate at 580 1C under As4 atmosphere, GaAs buffer layer was
grown at this temperature with the growth rate of 0.5 monolayer
per second (ML/s). During the growth, reflection high-energy
electron diffraction (RHEED) pattern was observed and well-
prepared buffer layer ((0 0 1) GaAs surface) showed a clear (2�4)
surface reconstruction. In order to grow the InGaAs insertion layer,
the substrate temperature was ramped down to 500 1C. After the
substrate temperature stabilized, 4-ML InxGa1�xAs was grown. This
thickness is chosen so as to have a flat InGaAs surface without any
surface relaxation [9]. When growing this layer, indium and gallium
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growth rates are changed in order to obtain the desired content of
indium in InGaAs layer. For x¼0.07, 0.15, 0.20, and 0.25, the indium
rates are 0.025, 0.025, 0.025, and 0.033 ML/s and gallium rates are
0.33, 0.14, 0.10, and 0.10 ML/s, respectively. After the InGaAs inser-
tion layer growth, the sample surface was soaked by Sb flux for 60 s.
Self-assembled GaSb QDs are obtained by depositing 3-ML GaSb at
the gallium growth rate of 0.1 ML/s. The V/III flux ratio (Sb/Ga) is
kept constant at 4. After the growth, the sample was cooled down
immediately. The surface morphology was characterized by an AFM
(Seiko SPA-400) in dynamic force mode in air and the post-
processing was done in MATLAB program.

3. Results and discussion

Fig. 1(a) shows a schematic diagram of investigated surface
structure. Fig. 1(b)–(e) show 2�2 μm2 AFM images of GaSb QDs on
GaAs (Fig. 1(b)) and on InxGa1�xAs (Fig. 1(c)–(f)) surfaces. Insets of
AFM images in Fig. 1(b)–(f) show a portion of the surface (obtained
from the same AFM image) with surface slope scale [10]. Distinct
surface morphology is observed when InxGa1�xAs layer is introduced,
i.e., QD density substantially decreases and QD size increases. Gradual
morphology changes are still observed when the indium content
increases from x¼0.07 (Fig. 1(c)) to 0.25 (Fig. 1(f)). This is due to the
presence of different amount of indium in the InGaAs insertion layer.

Analysis of height and diameter distributions of GaSb QDs on
different InGaAs insertion layers is displayed as histograms in
Fig. 2. The data are obtained from the analysis of individual QD in
each AFM image (shown in Fig. 1(b)–(e)). First, the QD base area is
extracted from the largest closed-loop contour line of contour
plots of the AFM data. The QD diameter is then calculated with a
circular base approximation. The QD height is obtained from the
difference between the height level of the largest closed-loop
contour line and the maximum height data. Histograms of QD
height and QD diameter are then fitted with Gaussian functions.
Fitted center positions together with the fitted curves are shown
in Fig. 2. From this figure, one can clearly see that both QD
height and diameter increase when the InGaAs insertion layer is

introduced. Abrupt change is observed when the indium content is
changed from x¼0.0 (no insertion layer) to x¼0.07. By further
increasing the indium content, the QD height and diameter
increase except only at the indium content of x¼0.25 where we
observe the reduction of diameter. This non-monotonic diameter
change might be due to the excessively high indium content on
the surface. Indium adatoms might still present after 60-s Sb-
soaking process because of their initially high content. Incorporat-
ing indium atoms into GaSb QDs induce high mismatch strain and
enhance the growth of large aspect ratio QDs since the QD with a
high ratio can relax more strain [11].

Fig. 1. (a) Schematic diagram of the investigated structure: GaSb QDs (3 ML) on top of 4-ML-thick InxGa1�xAs insertion layer. (b)–(e) 2�2 μm2 AFM images of GaSb QDs on
InxGa1�xAs with x¼0.00, 0.07, 0.15, 0.20 and 0.25, respectively. Insets show a portion of the same AFM images with surface slope scale.

Fig. 2. Histograms of QD height and diameter distribution of GaSb QDs on
InxGa1�xAs with x¼0.00 (top), 0.07, 0.15, 0.20 and 0.25 (bottom). Solid lines are
Gaussian function fits. Center position of the obtained Gaussian function fits are
indicated in the figures.
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Fig. 3 summarizes the structural variation of GaSb QDs on the
InxGa1�xAs insertion layer as a function of indium content in the
insertion layer. When the InGaAs insertion layer is introduced, the
QD density reduces, whereas QD height and diameter increase, as
depicted in Fig. 3(a)–(c). The initial GaSb QD density, which is about
120 μm�2, decreases to less than 30 μm�2, while the average QD
height increases about 1.5 times (from 9.5 nm for x¼0.0 to 14.5 nm
for x¼0.07) when the In0.07Ga0.93As layer is inserted. These obser-
vations are attributed to the change of initial surface energy,
interface energy as well as the strain energy of the QD system
[11,12].

To investigate the QD shape anisotropy, we define a degree of
QD elongation as the ratio d½1 1 0�=d½1 1 0�, where d½1 1 0� and
d½1 1 0�is the length of QD base along the [1 1 0] and ½1 1 0�
direction, respectively. Inset of Fig. 3(a) shows a schematic diagram
of a QD with these lengths. Fig. 3(d) displays the degree of
elongation as a function of indium content obtained from the
AFM data. The elongation of GaSb QD shape gradually changes
from a clear elongation along the [1 1 0] direction to almost
isotropic (no elongation) QD shape. This change can relate to the
distinct {1 1 n}-facet formation on QD surface when the InGaAs
insertion layer is introduced and it will be explained below. It is
noteworthy that this structural elongation influences the intrinsic
properties of QDs such as their polarization dependency [7] and
their transport properties [13].

For further quantifying the QD shape, a surface orientation map-
ping, which is so-called facet plot, is analyzed [10,14]. Fig. 4(a) shows
the facet plot obtained from the QD surface of a GaSb QD without
InGaAs insertion layer as compared that with In0.07Ga0.93As insertion
layer (Fig. 4(b)). From these plots (and also the insets of Fig. 1(b)–(f)),
we can clearly see that the (0 0 1) surface as a plateau on top of each
GaSb QD is present when InGaAs insertion layer is introduced. This
plateau is also observed in other AFM images of GaSb QDs grown on
InGaAs surface (not shown). Apart from this plateau, other facet
surfaces, which are likely to orient along the {1 1 n} directions, are
observed in the facet plot (see Fig. 4(b)). The facet-related surfaces are
on the sidewall of the QDs. It is known from previous theoretical
growth study that facet can form on the sidewall of QD due to its low
surface energies [15]. This induces the so-called self-limiting growth,
which stabilizes the QD size and shape. When indium content in the
insertion layer increases, the sidewall facets tend to become steeper.
However, due to the limited resolution of our AFM, we cannot fully
identify the facet indices. Based on our investigation, we can draw
simple illustrations for the shape of GaSb QD grown on GaAs and
InGaAs surfaces as shown in Fig. 4(c) and (d), respectively. For GaSb
QDs on GaAs, we obtain an elongated base QD with rather round
shape, while the GaSb QDs on InGaAs show some facetted surfaces
with the (0 0 1) plateau on top. Moreover, the height and diameter of
GaSb QDs on InGaAs are larger than those on GaAs.

Fig. 3. Variations of (a) QD density, (b) average QD height, (c) average QD diameter
and (d) degree of elongation (defined as d½1 1 0�=d½1 1 0�) as a function of indium
content x in InxGa1�xAs insertion layer. Inset of (a) shows the definition of d½1 1 0�
and d½1 1 0� . The error bars in (b)–(d) are the standard deviation of the values.

Fig. 4. Facet plots obtained from the QD surface of a GaSb QD (a) without and (b) with In0.07Ga0.93As insertion layer. (c) and (d) are illustrations of GaSb QD on (0 0 1) GaAs
surface and on (0 0 1) InGaAs surface. Relatively small QDs, which are elongated along the [1 1 0] direction, are observed for GaSb growth on GaAs, while large facet-related
GaSb QDs are formed when InGaAs insertion layer is introduced before the QD growth.
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4. Conclusions

We present an investigation of structural morphology of self-
assembled GaSb QDs on (0 0 1) GaAs substrates. We have shown
that when the InGaAs insertion layer is introduced, the obtained
QD morphology considerably changes. The QD density decrement
as well as QD size (height and diameter) enlargement are
observed. Besides, the degree of QD elongation changes from a
distinct elongation along the [1 1 0] direction to an isotropic shape
when the indium content in InGaAs insertion layer increases.
Finally, we have shown that the GaSb QDs on InGaAs have a clear
(0 0 1) plateau on top and facet-related surfaces on the sidewalls.
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a b s t r a c t

GaAs nanodisks (NDs), with a thickness of 8 nm and a diameter of 15 nm, were directly fabricated from
GaAs quantumwells (QW) by damage-free neutral-beam etching using bio-nanotemplates. We observed
the electron g-factor and spin dephasing in NDs with different barrier heights in the lateral direction by
means of time-resolved Kerr rotation. The magnitude of the g-factor depends on the degree of lateral
confinement originating from enhanced penetration of the electron wavefunction from an ND into the
surrounding AlGaAs barriers. The spin-dephasing time is also observed to be altered by ND formation.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Carrier spin states, along with dynamics including precession
of spin, in the quantum structures of III–V compound semi-
conductors have garnered considerable attention; since spin
dynamics can be strongly affected by carrier momentum and
scattering through spin–orbit interactions. Quantum nanodisks
(NDs) of GaAs with desirable optical qualities have recently been
grown from quantum wells (QWs) by fully top-down lithogra-
phy, using damage-free neutral-beam etching aided by bio-
engineering [1–4]. This fabrication method allows us to flexibly
design the structural parameters of the NDs. Specifically, the
thickness, diameter, and interval can be individually controlled
by protein engineering [3,4]. This enables us to investigate effects
of the lateral quantum confinement of carriers or excitons on spin
dynamics. In fact, we have recently reported a significant sup-
pression of exciton-spin relaxation in GaAs NDs by observing
circularly polarized transient photoluminescence (PL) [5]. In this
work, we expand on these methods to study transient optical
Kerr effects under magnetic fields in GaAs NDs, which enables us
to elucidate more detailed factors responsible for spin dynamics,
such as the g-factor and relaxation of precession, i.e., spin
dephasing.

2. Experiment

The GaAs NDs were prepared in a manner similar to that described
in [3,4]. First, three layers of an 8-nm-thick GaAs/Al0.15Ga0.85As QW
were sandwiched by 100-nm-thick Al0.15Ga0.85As barrier layers and a
1.4-μm-thick Al0.30Ga0.70As bottom cladding layer was grown on a
GaAs (100) substrate by metal–organic vapor phase epitaxy (MOVPE).
The top part of each QW was capped with a 20-nm-thick GaAs layer.
The sample was removed from the MOVPE environment and the
surface was coated with ferritin supramolecules containing iron
nanoparticles in their cavities. The average center-to-center distance
of the dispersive ferritin molecules was 45 nm, which was set
intentionally by attaching polyethylene–glycol polymer chains of a
specific length to the exterior of the ferritin shell. The iron particles
remaining after removal of the ferritin protein shells were then used
as a mask for a subsequent etching. Neutral-beam etching allowed for
the fabrication of nanoscale pillars containing a disk-shaped QW
section, i.e., a GaAs ND, without optically inactive non-radiative
centers. Finally, AlGaAs barriers and GaAs capping layers were re-
grown byMOVPE. The barrier height in the lateral directionwas varied
solely by changing the Al composition of the re-grown AlGaAs barrier,
e.g., Al0.15Ga0.85As (GaAs ND1) and Al0.30Ga0.70As (GaAs ND2). These
samples permitted the investigation of quantum confinement effects
on spin dynamics with lateral variation and constant vertical confine-
ment. Such a systematic study of spin dynamics in quantum dots
(QDs) with precisely controlled structural parameters has not yet been
performed adequately using conventional QD systems prepared by the
Stranski–Krastanov growth mode.
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Time-resolved Kerr effects were measured using a reflection-
type pump–probe technique under magnetic fields of varied
magnitude. Fundamental pulses of a mode-locked Ti: Sapphire
laser with a pulse width of 160 fs and repetition rate of 80 MHz
was used as a light source. Laser wavelengths were tuned in the
resonant condition to the grand-state transition energy of each
sample, which are shown in Fig. 1 together with the PL spectra. A
balance photodiode, operated by a dual-chopped lock-in techni-
que, was used for detecting the polarization change in the reflec-
tion probe light. The wavelengths of the pump/probe lights were
tuned to the optical transition energies of the samples, which were
determined by PL. Typical excitation-power values were 40 mW
for the pump and 10 mW for the probe beams, respectively. The
measurements were carried out in a magneto-optical cryostat
equipped with a superconducting magnet. Temperature was fixed
at 4 K and magnetic fields up to 6 T were applied with Voigt
geometry.

3. Results and discussion

We observed two decaying components, with respective decay
times of several picoseconds and several hundred picoseconds, of
the Kerr signals in the Faraday geometry. These were used to
quantify the longitudinal spin-relaxation dynamics. The slower
decaying component can be observed above 100 K and is attrib-
uted to electron-spin relaxation because holes can thermally
escape from the NDs at such high temperatures (owing to the
relatively shallow potential confinement). Fig. 2 shows typical
time-resolved Kerr rotation signals at 4 K in the Voigt geometry for
the original GaAs QW and for the ND samples, where initial spin
pumping was performed optically by circularly polarized pump
pulses. The Kerr signal intensity is known to be proportional to the
Kerr rotation angle (Θk); the electron-spin precession can be
observed with a specific frequency determined by the g-factor,
which is described by the following equation [6,7]:

Θk ¼ Aexpð�t=T2Þ cos ðgμBBt=ℏþφÞ; ð1Þ
where A is an initial amplitude proportional to the initial spin
polarization generated along the optical axis, t is the time delay, T2
is the spin dephasing time, g is the g-factor, μB is the Bohr
magneton, and φ is a phase offset. We analyzed the transient Kerr
signals by fitting with Eq. (1), and the absolute value of the
electron g-factor (g¼ |g|) and spin dephasing time (T2) were
deduced. We excluded the initial amplitude change due to the
effect of hole-spin from the analysis, which appeared in the initial
time region (0–50 ps) [8–11] and decreased with increasing
temperature (almost disappeared above 100 K). The solid lines in
Fig. 1 denote these best-fit calculations. Magnitudes of the g-factor
in the parent GaAs QW, GaAs ND1, and ND2 were found to be 0.16,
0.05, and 0.11, respectively. We also measured the magnetic-field

dependence and obtained magnitudes of the g-factor as a function
of magnetic field, as plotted in Fig. 3. The magnitudes of the g-
factor as a function of magnetic field are almost constant (within a
70.02 uncertainty for all samples).

First, we explain the g-factor of the parent GaAs QWs before
etching. According to reference [10], the bandgap energy Eg and
the electron g-factor of bulk AlxGa1�xAs can be theoretically
estimated from the following equations:

Eg xð Þ ¼ 1:549þ1:04xþ0:47x2 eV½ �; ð2Þ

gbulk Eg
� �¼ �0:445þ3:38 ðEg�1:519Þ�2:21 ðEg�1:519Þ2; ð3Þ

where x is the Al content. The g-factors are calculated to be
gbulk(GaAs)¼�0.44, gbulk(Al0.15Ga0.85As)¼þ0.057, and gbulk(Al0.3
Ga0.7As)¼þ0.48, according to Eqs. (2) and (3). The g-factor in a QW
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Fig. 1. PL spectra of GaAs QW (green), GaAs ND1 (blue) and GaAs ND2 (red) at 4 K.
The laser spectra used for the time-resolved Kerr-rotation measurements are also
shown as dashed lines with shaded area. (For interpretation of the references to
color in this figure legend, the reader is referred to the web version of this article.)
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Fig. 2. Typical time-resolved Kerr-rotation signals (blue open circles) for (a) the
original GaAs quantumwell, (b) GaAs ND1 with Al0.15Ga0.85As barriers, and (c) GaAs
ND2 with Al0.15Ga0.85As (vertical) and Al0.30Ga0.70As (lateral) barriers at 4 K under a
magnetic field of 4 T. Laser wavelengths used for the measurements are noted on
the bottom-right corner of each plot. The solid lines denote best-fit calculations
based on Eq. (1). (For interpretation of the references to color in this figure legend,
the reader is referred to the web version of this article.)

0 1 2 3 4 5 6 7
0.00

0.05

0.10

0.15

0.20

0.25

| g
-f

ac
to

r 
|

Magnetic field (T)

GaAs ND 2

GaAs ND 1

QW

4 K

Fig. 3. Magnetic-field dependencies of the g-factor in the GaAs quantum well
(green open triangles), GaAs ND1 (blue open squares), and ND2 (red open circles).
Dotted lines are guides for the eyes. (For interpretation of the references to color in
this figure legend, the reader is referred to the web version of this article.)

T. Tanaka et al. / Journal of Crystal Growth 425 (2015) 295–298296



can be additionally affected by the barrier material and well thickness,
owing to the penetration of an electron wavefunction from the QW
into the barrier. For example, the g-factor of an 8-nm-thick GaAs/
Al0.35Ga0.65As QW was reported to be �0.1, which differs significantly
from the above gbulk(GaAs)¼�0.44, and was shifted toward the value
of gbulk(Al0.35Ga0.65As)¼þ0.58 [12]. In our case, the g-factor obtained
from the original QW is |0.16|. We calculate the three-dimensional
electron wavefunction with the designed, and thus realistic, structural
parameters, resulting in a penetrating wavefunction that cannot be
ignored within the Al0.15Ga0.85As barrier. Therefore, we judge that the
electron g-factor of the present GaAs QW is �0.16, which is similar to
that obtained in [6] and the literature value in [13].

Next, we compare the g-factor of the GaAs ND1 with that of this
parent QW. For ND1, the penetration depth of the electron
wavefunction into the barrier is significantly larger than that of
the parent QW (because of the additional lateral quantum con-
finement due to the ND's formation). It is worth noting that the
additional lateral confinement by this Al0.15Ga0.85As barrier can
significantly raise the potential of the electron ground state in the
GaAs ND1, and thus the electron wavefunction can penetrate the
barrier in the vertical direction in addition to the lateral direction.
This situation leads to the conclusion that the g-factor of the ND1
is �0.05, where þ0.05 for the ND1 is unlikely, considering that
gbulk(Al0.15Ga0.85As)¼þ0.057. We next consider the g-factor of the
GaAs ND2, where only the lateral barrier height is higher than
that of ND1. The electron wavefunction of ND2 penetrates the
AlGaAs barrier more deeply because the higher Al content in the
Al0.3Ga0.7As barrier can cause a marked increase in the ground-
state potential for ND2. Therefore, the g-factor of ND2 can be
estimated as þ0.11, in a manner similar with the above discussion
of ND1.

The spin-dephasing time T2 is also deduced from the time-
resolved Kerr-rotation signal using Eq. (1). T2 for the QW, ND1, and
ND2 are found to be 240, 130, and 70 ps, respectively, at 4 K and
4 T. The timescales of these T2 values for the GaAs NDs are similar
to those reported for a strain-induced GaAs QD with shallow
potential confinements of carriers (91 ps) [7]. The magnetic-field
dependencies of T2 are shown in Fig. 4. For the QW, T2 decreases as
the magnetic field increases, whereas there is no clear trend for T2
with the NDs. The magnetic-field dependence of this T2 can be
described by the following equation:

1
T2

¼ 1
T2ðB¼ 0Þþ

ΔgμBBffiffiffi
2

p
ℏ
; ð4Þ

where T2(B¼0) is a spin-dephasing time without magnetic field
and Δg is the inhomogeneous distribution of the g-factor [14].
T2(B¼0) in the QW, ND1, and ND2 are 340, 140, and 90 ps,
respectively. One possible reason for the shorter dephasing times

observed in the NDs is the broadened spectral width of our
femtosecond laser used for pumping and probing. The observed
Kerr oscillation can reflect an inhomogeneous distribution of g-
factor if a number of NDs with slightly different sizes, and thus
different bandgap energies, are excited by our laser. Integrating
each oscillatory Kerr signal with slightly different g-values results
in an oscillation signal with an averaged frequency (g-factor obt-
ained by our measurements) and faster dumping than the essen-
tial oscillation in each ND. The difference in T2 between ND1
(130 ps) and ND2 (70 ps) can be explained by this consideration,
where the magnitude of the g-factor for ND2 (þ0.11) is larger than
that for ND1 (�0.05). If the inhomogeneous distribution width of
the g-value is identical between these ND samples, the apparent
(integrated) oscillatory Kerr signal with the larger average g-factor
exhibits faster dumping because of the large amplitude fluctuation
of each signal (compared to cases with smaller average g-factors).
A study using spectrally limited measurements would be neces-
sary to clarify this point.

4. Summary

We observe that the electron g-factor of GaAs NDs, which is
responsible for precession of the spin, is significantly affected by
the lateral quantum confinement artificially induced in planar
QWs. This change in the g-factor can be attributed to enhanced
penetration of the electron wavefunction from the NDs into the
surrounding AlGaAs barriers, both in the vertical and lateral
directions. The dephasing times for the electron-spin relaxation
of these NDs are also modified from that of their parent QW
sample.
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a b s t r a c t

Self-assembled InAs quantum dots (QDs) were grown by solid source molecular beam epitaxy. The
impact of the growth parameters like the growth temperature of the InGaAlAs nucleation layer, V/III
ratio and growth rate during growth of QD layers were carefully investigated by using atomic force
microscopy and photoluminescence spectroscopy. The excellent size uniformity of InAs QDs grown on
InP substrates are verified by narrow photoluminescence line widths of 17 meV for single QD layers and
26 meV for stacked QD layers, respectivaly. Both values measured at 10 K.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In the last decade, the growth of self-assembled semiconductor
quantum dot (QD) structures has attracted much interest from both
fundamental physics and potential optoelectronic device applica-
tions operating at 1.55 μm and beyond, mainly driven by fiber-
based applications, like classical optical communication [1] or
quantum communication [2]. Mainly self-assembled semiconductor
QDs formed via Stranski–Krastanov (SK) growth mode have sup-
plied a potent active medium for optoelectronic devices such as
laser diodes and light-emitting diodes [1,3–5]. For laser application,
it is necessary to establish a high QD density with a homogenous
size distribution and most likely round-shaped geometry for
optimum 3D confinement. This results in device related perfor-
mance properties like improved temperature stability, reduced
threshold current and increased spectral and differential gain.

Several compounds as buffer layer and different growth para-
meters have been used to investigate the formation of InAs QDs
based on InP substrate, such as strained InAs and In0.32Ga0.68As
layers or lattice matched InGaAsP and InAlAs as well as monolayer
coverage dependence [6–8]. So far only a few studies regarding
InAs QDs on lattice matched InGaAlAs as a buffer layer have been
reported [9,10].

To increase the total QD density, stacked QD layers have been
suggested [11]. Their photoluminescence (PL) spectrum showed an
asymmetric shape and a broadened linewidth in comparison with
the single layer QD sample [12]. In this work, the influence of V/III
ratio, growth rate during QDs growth and growth temperature of
the InGaAlAs nucleation layers on the formation of InAs QDs were

carefully investigated by using photoluminescence (PL) measure-
ments and atomic force microscopy (AFM).

2. Experimental details

All samples were grown on n-type InP(100) substrates by a
modified Varian Gen-II solid source molecular beam epitaxy
(SSMBE) system equipped with valved phosphorus and arsenic
cracker sources. After thermal oxide desorption, the substrate was
transferred to the growth chamber and set to 490 1C for 6 min
under P2 overpressure to remove the residual oxide. The structures
consist of a 100 nm thick InP buffer layer and a nominally
6 monolayers (MLs) thick InAs layer, embedded in a 100 nm thick
In0.528Ga0.234Al0.238As layer lattice matched to InP. The InAs QDs
were grown in an As2 mode. The structure is finalized with an
uncapped nominally 6 MLs thick InAs QD layer on top for
morphological characterization. The growth temperature of QDs
was set to 490 1C. The InAs growth rate was 450 nm/h. The
temperature was controlled by pyrometer. The beam equivalent
pressure values are used to monitor the V/III ratio.

At the InGaAlAs/InP interface a growth interruption for 50 s
was introduced to allow a well-defined exchange between the
gases P2 and As2 without significant cross-contamination. In the
case of stacked structures, similar growth conditions of the
optimized parameters for single QD layers were applied, i.e., six
periods of InAs QD layers separated by 20 nm thick InGaAlAs
barrier layers were deposited.

3. Results and discussion

In Fig. 1, AFM images of an InAs QD layer with 6 MLs deposited
on InGaAlAs are shown. The three samples were grown with
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similar growth parameters, i.e., growth temperature of 490 1C, V/III
ratio of 18 and InAs growth rate of 450 nm/h, but with different
growth temperatures of the InGaAlAs nucleation layer ranging
from 470 1C to 500 1C (from a to c, respectively). As can be seen, in
addition to the formation of round-shaped InAs QDs, coalesced
islands are observed. As the growth temperature of the InGaAlAs
nucleation layer increases, the coalesced islands disappeared and
the dot density significantly increased from 1.8�1010 cm�2 to
4.8�1010 cm�2. This significant reduction of the degree of island
coalescence with increasing growth temperature can be inter-
preted in terms of increasing the surface roughness of the nuclea-
tion layer, which causes a faster nucleation and therefore an
enhanced suppression of adatom migration.

In Fig. 2, the corresponding PL measurements at low temperature
show a shift to lower energies as the growth temperature of the
InGaAlAs nucleation layer increases. The peaks centered at 0.84 eV,
0.83 eV and 0.80 eV, which are corresponding to the emission wave-
lengths of 1.47 μm,1.49 μmand 1.54 μm, respectively. The full width at
half-maximum (FWHM) strongly decreases from 30meV to 22meV as
the growth temperature of the InGaAlAs nucleation layer increases, as
shown in the inset of Fig. 2.

This significant change in the integral PL intensity, linewidth
and dot density can be mainly attributed to the enhanced nuclea-
tion probability. The narrow PL line width of 21 meV reveals that
highly uniform InAs QDs are formed on appropriately prepared
InGaAlAs surfaces.

Further optimization of QD growth parameters is performed by
small variations of the V/III ratio during the growth of the InAs QD
layer while the InAs growth rate and temperature are maintained
constant at 450 nm/h and 490 1C, respectively. Fig. 3 shows AFM
images for four samples with a similar structure, including the
reference sample (b). The V/III ratio decreased from 21 (a) to 18
(b), 15 (c) and finally to 12 (d). The corresponding surface dot
densities are approximately 4.2�1010 cm�2, 5.1�1010 cm�2 and
6.0�1010 cm�2 (from a to c, respectively). Besides increasing the
QD density with increasing the V/III ratio, a shape transition from
round-shaped QDs to QDashes at the lowest V/III ratio of 12 is
observed. This transition can be attributed to an enhanced migra-
tion length of Indium adatoms, which is mostly favorable along
½011� crystal direction [13].

Fig. 5 shows the PL spectra at 10 K for the four samples with
different V/III ratios of 21, 18, 15 and 12 from right to left. The
corresponding peaks are centered at around 0.79 eV, 0.80 eV, 0.81 eV
and 0.84 meV. The difference in peak position can be mainly related
to the QD size, in particular to the height. As seen from the height
histograms in Fig. 4, the mean dot heights of QDs decrease with
decreasing the V/III ratio in the samples a, c and d (in Fig. 3) from 21
to 12, respectively. In addition the height deviation decreases from

2.24 nm to 1.97 nm (sample a and c in Fig. 3) as the V/III ratio
decreases.

In the inset of Fig. 5, the dependence of the PL–FWHM on the V/III
ratio is plotted. Starting from lower V/III ratios, the FWHM value can be
reduced by decreasing the V/III ratio, mainly caused by the reduction of
the migration length. Beyond a certain optimum condition (here about
18), the line width is increasing once again, presumably caused by
excess As, which deteriorates the material and interface quality also
known from quantum well growth. However, the doubling of the
FWHM value at a V/III ratio of 12 is accompanied by a strong QD shape
transition from circular-like QDs to QDash-like geometry, as seen in
AFM images of Fig. 3(d), which enlarges the size variation effect. These
results clearly show the high sensitivity of the optical as well as the
morphological properties of InAs QDs on a moderate variation of the
V/III ratio.

Another important growth parameter is the growth rate during
deposition of the InAs QD layers. By growing the InAs QD layers at
a higher growth rate of 570 nm/h and using a V/III ratio of 18, a
very narrow PL–FWHM of 17 meV (Fig. 6) was achieved. These
dots exhibit the narrowest linewidth for 1.55 mm emitting struc-
ture based on self-assembled QDs [9,14].

With similar growth conditions as used for optimized single QD
layers, six periods of InAs QD layers were grown separated by
20 nm thick InGaAlAs barrier layers. Fig. 7 shows the PL measure-
ments at 10 K for six stacked QD layers. The PL peak is centered at
around 0.80 eV and the corresponding emission wavelength is
around 1.54 μm with a PL–FWHM of 26 meV. In comparison to
the reference single QD layer (Fig. 1c), The PL peak position is

Fig. 1. AFM images (1�1) μm2 of uncapped 6 MLs InAs QD layers grown on InGaAlAs. InAs QD layers were grown at 490 1C with a V/III ratio of 18, varying the growth
temperature of the InGaAlAs nucleation layer from (a) 470 1C, (b) 485 1C to (c) 500 1C.

Fig. 2. PL spectra at 10 K of single InAs QD layers grown at 490 1C, on InGaAlAs
grown at different temperature from 470 1C to 500 1C as labeled. Inset PL–FWHM
values of the ensemble QD spectra as a function of InGaAlAs growth temperature
measured at 10 K with a laser excitation power density of 10 W/cm2, were
extracted from the Gaussian fitting (solid curves).
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located at the same energy as for the reference sample with slightly
broadened line width, which is caused by additional size fluctuation
due to strain coupling.

4. Conclusions

In summary, the impact of the growth parameters on the dots
formation, e.g., V/III ratio, growth temperature of InGaAlAs nuclea-
tion layer and growth rate of the QD layers was investigated. From
AFM and PL results the nucleation of InAs QDs is obviously affected
by the growth condition of the nucleation layer, i.e., the surface
properties of the nucleation layer are very important for the QD
formation process. By carefully optimizing the growth parameters
a high dot density up to 6�1010 cm�2 and a very narrow line
width of 17 meV were achieved. Under As2 overpressure a shape

Fig. 3. AFM images of 1�1 μm2 of InAs QDs grown on an InGaAlAs layer lattice matched to an InP(100) substrate after deposition of 6 MLs of InAs at 490 1C with different
V/III ratios of (a) 21, (b) 18, (c) 15 and (d) 12, respectively.

Fig. 4. The dot height histograms a, b and c, corresponding to the samples d, c and a in
Fig. 3 after deposition of 6 MLs of InAs at 490 1C with different V/III ratios of 12, 15, and
21, respectively. The mean dot heights and the corresponding standard deviation (SD) in
a, b and c are 4.02 nm, 8.02 nm, 8.92 nm and 2.07 nm, 1.97 nm, 2.24 nm, respectively.

Fig. 5. PL spectra at 10 K of 6 MLs InAs grown at 490 1C on InGaAlAs with different
V/III ratio of 12, 15, 18 and 21 as labeled. The inset shows the PL–FWHM of a single
InAs QD layer (6 MLs) grown at 490 1C on InGaAlAs grown at 500 1C as a function of
V/III ratio. The solid curves show the Gaussian fitting, from which the data in the
inset were extracted.
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transition from rounded QDs to QDashes at a relatively low V/III
ratio of 12 was observed.

By stacking of QD layers additional broadening occurs due to
strain coupling, which results in a linewidth of 26 meV for six

layers. By compensating the strain coupling it should be possible
to preserve the single QD layer quality also for lasers with
multiple-QD layers. In comparison to previously realized QD lasers
based on QD material with 31 meV line width and record-high
modal gain [3] as well as large signal modulation characteristics
[15] the new optimized growth conditions has the potential for
nearly doubling the spectral gain, which will further enhance the
modal and, respectively, the differential gain in high speed lasers.
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a b s t r a c t

InAs quantum dots (QDs) were introduced as efficient nonlinear materials into a GaAs/AlAs coupled
multilayer cavity, which was recently demonstrated as a novel THz emission device based on difference-
frequency generation (DFG) of the two cavity modes. The couple multilayer cavity containing QDs was
grown by molecular beam epitaxy and the THz-DFG was measured using femtosecond laser pulses.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Terahertz light sources based on semiconductor materials have
been attracting considerable interest due to the wide range of possible
application fields including wireless communication, spectroscopy, and
transmission imaging. Several types of semiconductor devices, such as
quantum cascade lasers (QCLs),[1–3] resonant tunneling diodes (RTDs),
[4] and photo mixers,[5,6] have been studied and developed as cw
terahertz light sources. There, however, still remain various problems in
each type of device. For example, the emission power becomes
insufficient for higher frequency operation of RTDs. Although remark-
able progress has been made in the development of QCLs as compact
light sources in recent years, near room temperature operation has not
yet been demonstrated. Efficient wavelength conversion based on
difference frequency generation (DFG) in III–V semiconductors is
attractive for terahertz light sources operating at room temperature
because of the large second-order nonlinearity and fundamental light
emission by current injection. THz waves can be produced by DFG
using a GaP crystal excited by two individual lasers [7–9].

Optical nonlinear phenomena in a semiconductor vertical micro-
cavity are very interesting and useful to construct novel optical devices
for dense parallel processing. A coupled cavity system has a unique
feature of multiple cavity modes providing additional functionality.
Recently, we have proposed a terahertz emission device with a coupled
multilayer cavity structure utilizing DFG of the two cavity modes
[10,11]. A GaAs/AlAs coupled multilayer cavity structure, which has two
equivalent cavity layers coupled by an intermediate distributed Bragg
reflector (DBR) multilayer, was fabricated on a (113)B GaAs substrate by

molecular beam epitaxy (MBE). Epitaxial growth on a non-(001)
substrate is essential for terahertz DFG of the two cavity modes
because the frequency mixing through the second-order nonlinear
process is forbidden on a (001) substrate owing to crystal symmetry
[12]. Strong sum-frequency generation (SFG) in the near-infrared
region [13–15] and DFG in the terahertz region [16–18] were success-
fully demonstrated by simultaneous excitation of the two cavity modes
in the coupled cavity structure using femtosecond laser pulse irradia-
tion as the fundamental light sources. Since the strong internal light
electric field due to the cavity effects, nonlinearity of the cavity layers is
important to obtain strong non-linear optical response. Recently, we
have demonstrated optical Kerr gate switches based on a GaAs/AlAs
multilayer cavity structure with InAs quantum dots (QDs) embedded in
strain-relaxed barriers [19–24]. We have observed 60 times enhance-
ment of the optical Kerr signal from the cavity having InAs QDs
compared with the cavity having no QDs [25]. The THz emission is
expected to be also enhanced by introducing good nonlinear materials
such as quantum dots (QDs) having resonance energy near the two
mode frequencies.

In this paper, we grew the GaAs/AlAs coupled multilayer cavity
structure having self-assembled InAs QDs by MBE. We observed
monochromatic THz radiation due to the DFG of two cavity modes
from a GaAs/AlAs coupled multilayer cavity having InAs QDs on a
(113)B GaAs substrate using femtosecond laser pulses.

2. MBE growth of a coupled multilayer cavity with InAs
quantum dots

The GaAs/AlAs coupled multilayer cavity structure with InAs
quantum dots shown in Fig. 1 was grown on a 2-inch GaAs (113)B
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substrate by solid-source MBE. Two half-wavelength (λ/2) cavities
based on AlAs were coupled by a 13.5-period GaAs/AlAs distrib-
uted Bragg reflector (DBR) multilayer and 13.5- and 17.5-period
DBRs were formed on both sides. The single self-assembled InAs
QD layer (3.4 monolayer) was inserted only in the topside AlAs λ/2
cavity. The QDs were embedded in strain-relaxed In0.35Ga0.65As
layer (5 nm) to extend the resonance wavelength over 1.5 mm and
they were sandwiched between two strain-relaxed In0.35Al0.65As
layers (10 nm) [25]. The average height and density of the QDs in
each layer were estimated to be 6 nm and 6�1010 cm�2, respec-
tively. The top side cavity including QDs was grown at a substrate
temperature (Ts) of 480 1C, while the bottom side cavity and DBR
multilayers were grown at Ts¼630 1C under an As pressure of
�1�10�5 Torr. Growth rates of GaAs, AlAs, and InAs were 1.0, 1.0,
and 0.35 μm/h, respectively. Since in this structure, materials of
two cavity layers are different, it is difficult to grow the two cavity
layers whose effective optical thicknesses were exactly the same
as each other over the whole wafer. Therefore, two AlAs layers

(109 nm) composing the topside λ/2 cavity were grown without
substrate rotation in order to make intentional thickness variation
over the wafer.

3. Reflection spectra

Lateral thickness variation of the top cavity layer causes a slight
variation of two cavity mode frequencies (ω1,ω2) in the 2-inch wafer.
Fig. 2 shows calculated results of the frequency difference (ω2�ω1)
depending on the thickness of the AlAs layers in the top side cavity.
When optical thicknesses of the two cavity layers were exactly the
same as each other, frequency difference has minimum value. Fig. 3
shows optical reflection spectra measured at various wafer positions.
Two reflection dips around 1.5 mm correspond to the cavity modes
whose intensities depended on the measurement position. The
frequency difference were changed at wafer positions and showed
the minimum value at the position (x¼ �5 mm). Two reflection dips
due to the cavity modes were observed at 1497 nm, 1513 nm. The
frequency difference between two modes was 2.1 THz and the depths
of the reflection dips were same values. These results corresponding
to calculated results indicate that a coupledmultilayer cavity structure
with InAs QDs which has equivalent effective optical thicknesses of
two cavity layers was successfully fabricated.

4. The time-domain THz measurements

Fig. 4 shows a schematic illustration of the THz time-domain
measurement. Pump pulses of �1.5 μm were produced by an
optical parametric oscillator pumped by a Ti:sapphire laser, which
has an output wavelength of �0.81 μm and a repetition rate of
80 MHz. The pump pulses from the OPO typically have widths less
than 150 fs. They were focused on the samples to a diameter of
�100 μm. The THz waveform emitted by the sample was detected
using a dipole-type PC antenna with a gap of 6.0 μm, which was
sensitive in the lower frequency range (o3 THz) and was optically
gated by a weak optical beam (10 mW) from the Ti:sapphire laser.
The time delay between the optical pump pulse and the gated

Fig. 1. Structure of the GaAs/AlAs coupled multilayer cavity with InAs
quantum dots.

Fig. 2. The frequency difference of the two cavity modes for a coupled cavity where
optical thickness of the top cavity is defferent from that of bottom cavity (260 nm).

Fig. 3. Reflection spectra measured at various positions of the epitaxial wafer.
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probe pulse was controlled by a delay stage. A Ge filter was placed
after the sample to prevent the strong pump pulse from irradiating
the PC antenna. Both the sample and Photo-conductive (PC)
antenna were in a N2 atmosphere to prevent the THz radiation
from absorption by water vapor.

Fig. 5 shows a time-domain THz waveform emitted from the
coupled cavity with and without QDs. The excitation laser power
was set to 160mW and the excitation wavelength was set to the
central wavelength of the two cavity modes. The polarization of
the excitation laser pulse was aligned in the [33–2] direction, and
the detection polarization (which was parallel to the PC gap) was
aligned in the same direction.[14,26] The relatively strong signal
was observed around 0 ps in the THz waveform generated from
both the coupled cavity with QDs and that without QDs. For the
coupled cavity with QDs, we observed slowly decaying oscillations
with a period of 0.48 ps after the initial monocycle signal. The
oscillation period of 0.48 ps well agrees with the optical frequency
difference between the two cavity modes (2.1 THz) shown in Fig. 3.
On the other hand, such the oscillation was unclear for the coupled
cavity without QDs because of poor nonlinearity of AlAs in the
cavity layer. Fig. 6 shows the square Fourier Transform spectrum of
Fig. 5. For the coupled cavity with QDs, the FT signal at 2.1 THz
corresponds to the decaying oscillations with a period of 0.48 ps
was clearly improved. These results indicate that the THz emission
was successfully enhanced near the mode frequency difference of
2.1 THz when only a single QD layer was introduced in one of the
AlAs cavity layers with poor nonlinearities.

Then, we noticed that the strong signal was observed around
0 ps in the THz waveform generated from both the coupled cavity
with InAs QDs and that without QDs. We found that the THz
waveform in the coupled cavity with QDs is different from the
THz waveform observed so far.[16,17] Therefore, we compared
THz waveform in the coupled cavity with QDs with simulated THz
waveforms shown in Fig.7. The pump pulses are polarized in the
[33�2] and [1–10] directions, while the polarization of THz-DFG
was fixed in the [33�2] direction. In simulated waveform, when

the pump pulses are polarized in the [1–10] directions, the signal
amplitude is smaller than that of the [33�2] direction. The sign of
two waveforms are completely opposite each other. This is due to
the anisotropy of the second nonlinear polarization of the Zinc
Blend type structure but, the THz waveform in the coupled cavity
with QDs is different from simulated waveform in initial rise.
Moreover sign inversion was not observed when the pump pulse
polarization was changed. THz waveforms in the coupled cavity
with InAs QDs were not explained by the theoretical anisotropy of
the second-order nonlinear polarization of the Zinc Blend type
structure. In this paper, the QDs were embedded in strain-relaxed
In0.35Ga0.65As layer to extend the resonance wavelength over

Fig. 4. Schematic illustration of experimental setup for the THz time-domain measurement.

Fig. 5. Time-domain THz waveform from the coupled cavity samples with and
without QDs.
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1.5 μm. Therefore, real photo-excited carriers should be generated
in the QDs by pump pulses of �1.5 μm. We think that photo-
currents due to real photo-excited carriers in the QDs influence the
THz waveform, but further investigation is necessary.

5. Conclusions

We grew the GaAs/AlAs coupled multilayer cavity with InAs
quantum dots. We measured two cavity mode frequencies (ω1,

ω2,) over the 2-inch wafer whose cavity layer thickness has a slight
lateral variation caused by the growth without the substrate
rotation. The GaAs/AlAs coupled multilayer cavity with equivalent
optical thickness of the two cavity layers was successfully fabri-
cated by precise growth control and using the frequency difference
changed at wafer positions. Time-domain THz waveform from the
coupled cavity were measured using 100 fs laser pulses. The THz
emission was successfully enhanced near the mode frequency
difference of 2.1 THz, although only a single QD layer was
introduced in one of the AlAs cavity layers. We found that THz
waveforms in the coupled cavity having InAs QDs were not
explained by the theoretical anisotropy of the second-order non-
linear polarization of the Zinc Blend type structure.
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Fig. 6. The square FT spectrum of Fig. 5.
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Fig. 7. (a) Simulated THz waveform and (b) measured THz waveform when the
excitation laser pulses were polarized in the [33–2] (solid lines) and [1–10] (dotted
lines).
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a b s t r a c t

We describe molecular beam epitaxy (MBE) growth conditions for self-assembled indium nanostruc-
tures, or islands, which allow for the tuning of the density and size of the indium nanostructures. How
the plasmonic resonance of indium nanostructures is affected by the island density, size, distribution in
sizes, and indium purity of the nanostructures is explored. These self-assembled nanostructures provide
a platform for integration of resonant and non-resonant plasmonic structures within a few nm of
quantum wells (QWs) or quantum dots (QDs) in a single process. A 4� increase in peak photolumines-
cence intensity is demonstrated for near-surface QDs resonantly coupled to indium nanostructures.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The field of plasmonic nanostructures, where small volume
structures can enhance electromagnetic fields that can be coupled
to semiconductor quantum confined gain medium, is an expanding
area of research. It has been shown that MBE grown silver films
have improved optical constants, i.e. closer to intrinsic values, over
e-beam or physical vapor deposited silver films [1]. This gives a
possibility for improvements in the quality of plasmonic nanos-
tructures or nano-antennas. It has also been shown that MBE can be
used to grow site-controlled structures out of silver [2] and self-
assembled structures with silver [3] and indium [4]. MBE growth
allows for higher quality metallic nanostructures due to the
improved optical constants and the self-assembly creates a clean
interface between the metallic nanostructure and semiconductor
underneath. In the self-assembled case there is also no need for
fabrication or post-processing for optical experiments, eliminating
possible sources of impurities and contamination. By tuning the
sizes of these nanostructures the resonant wavelength can be tuned
[5] to be in resonance with QWs [6,7] or QDs [8] just a few
nanometers beneath the metallic structures. Growing these reso-
nant indium islands in the same process as the semiconductor
growth with MBE now opens up the possibility of encapsulating [9]

the islands with more semiconductor material, including gain
material. This would allow for larger coupling effects and possibly
compensating metamaterial losses.

Here we present MBE growth conditions for indium islands,
which allow for the tuning of the density, to well below 1 μm�2,
and size, from �100 nm up to �1.5 μm, of the indium islands. The
larger island diameters are a result of a slow indium growth in the
1 ML/hr range, allowing for migration of the indium atoms
throughout the growth.

2. Materials and methods

All samples have been grown on (100) GaAs wafers. The indium
island samples have been grown in two different machines. The first
is a Riber 32P where the sources are mounted on the rear vertical
wall of the MBE growth chamber and aimed at the substrate which
is mounted 251 from vertical, and 131 away from the most uniform
growth position. In this chamber we have utilized 500 μm thick,
double-side polished, two inch wafers cleaved into quarters for
sample growth. These quarter wafers are held in three inch
molybdenum substrate mounts (molyblocks) for quarter wafers
with two tabs along the perpendicular sides. The other chamber
used is a Riber 412 where the sources are mounted on the bottom of
the MBE growth chamber and aimed at the substrate which is
mounted horizontally in a five inch platen and the substrate is
centered in the platen. In this chamber the growth is done on
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350 μm thick, single-side polished, full two inch wafers which are n-
doped with silicon (10�18 cm�3). This chamber was used for all
samples discussed below that have been grown with doped semi-
conductor layers. Both chambers utilize effusion cells with 7 N (7N5)
purity indium in the Riber 32P (Riber 412).

After de-oxidizing the substrate, 4400 nm of GaAs is grown at a
substrate temperature of �580 1C. For samples grown with InGaAs
QWs or InAs QDs the substrate temperature is dropped to �485 1C
for the growth of these structures. The QW or QDs are then capped
with between 3 and 10 nm of GaAs grown at the same substrate
temperature. For the indium island growth the substrate tempera-
ture is lowered by cutting off the current to the substrate heater. At
a substrate temperature of �300 1C the arsenic flux is cut off. Once
the arsenic flux is off, the substrate heater is set at a constant
current and the substrate is allowed to come to an equilibrium
temperature, �130 1C as measured with a type C thermocouple,
while arsenic continues to be pumped out of the chamber. This time
has been varied between 1 and 12 h. The indium island deposition
then takes place with growth rates (beam equivalent pressure)
between 0.27 ML/s (3.02�10�7 Torr) and 1 ML/hr or 0.00028 ML/s
(3.97�10�10 Torr). In the latter case the indium cell temperature is

only 60 1C above the standby temperature of the cell. The indium
growth rate is given as the growth rate of InAs as calibrated from
InAs QD growths.

Samples are characterized using atomic force microscopy (AFM),
scanning electron microscopy (SEM), tunneling electron microscopy
(TEM), energy dispersive x-ray spectroscopy (EDS), Fourier trans-
form infrared (FTIR) transmission measurements, and photolumi-
nescence (PL). By utilizing standard image processing techniques
the sizes of the islands are extracted from AFM and SEM images.

3. Results

An interesting aspect of the indium island sample growths is
the different distribution in island sizes achieved by the two
different machines used. While there is expected to be small
variations in substrate temperature and flux uniformity it is not
expected that the indium islands grown in one chamber would
have a Gaussian-like distribution in size while the other chamber
would produce size distributions with a clear tail on the short side
of the distribution. This is seen in Fig. 1(a) and (b) for the diameter

Fig. 1. Distribution of the diameter of the indium islands along the (011) crystal axis for a sample grown in the Riber 32 (a) and a sample grown in the Riber 412 (b). The
distributions are scaled to their average diameter, which are 385 nm with a standard deviation of 34 nm and 834 nmwith a standard deviation of 94 nm for samples shown
in (a) and (b), respectively. (c) and (d) SEM images corresponding to the distributions in (a) and (b), respectively.
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of the indium islands along the (011) crystal axis and can be seen
along the (0–11) crystal axis as well as in the height of the indium
islands, although this is not shown here. The indium island
samples with the tail in the distribution are grown on silicon
doped GaAs but this is not expected to affect the formation of the
indium islands in such a manner. In either case the standard
deviation of the distribution is �10% of the average size for both
samples. Both distributions in Fig. 1 are developed by analyzing
the diameter of over 850 islands for each sample. The distribution
with the tail looks similar to the asymptotic distribution of the
Lifshitz–Slyozov t1/3 growth law [10] which is familiar to the
growth of II–VI QDs in a glass matrix [11]. The tailed distribution
shown in Fig. 1(b) has a much narrower peak than the t1/3

distribution but still suggests diffusion of the indium islands is
taking place and the larger islands are growing at the expense
of the smaller islands. From the corresponding SEM images in

Fig. 1(c) and (d) it can be seen that the indium islands tend to
cluster for the Gaussian-like distribution of sizes and the samples
showing the tail in the distribution seem to have some degree of
order where they prefer to align together perpendicular to the
(011) crystal axis (major flat) shown in upper right hand corner of
Fig. 1(c). This direction is also parallel to the surface roughness of
the sample seen on SEM images.

As discussed in the previous section, a wide range in growth
rates or beam equivalent pressures are used, roughly a factor of
1000 between the highest and the lowest. By varying the growth
rate and the amount of indium deposited the indium islands
size can be varied between a diameter of 120 nm and a diameter
of 1.5 μm, corresponding to heights of 50 nm and 445 nm.
The densities achieved have been between 10 μm�2 and
0.007 μm�2. Fig. 2 shows plasmonic resonances, measured using
FTIR, of several indium island samples along with corresponding

Fig. 2. (a) and (b) FTIR transmission measurements showing the plasmonic resonances of samples shown in the SEM images of (c), (d), (e), and (f). The scale bar in (c), (d),
and (e) are 500 nm and in (f) is 10 mm.

Fig. 3. (a) An EDS map of an island showing that it is predominantly indium (red) but also contains arsenic (violet), gallium (green), and oxygen (yellow). The white dashed
box represents a 20 nm by 10 nm region where an indium concentration of 89.9% was measured. (b) A TEM image of the same island with the different regions of the
structure outlined and labeled. (For interpretation of the references to color in this figure, the reader is referred to the web version of this article.)
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SEM images for each sample. It is clear, that the larger islands have
longer wavelength resonances and that a decrease in density of
the indium islands decreases the collective transmission as mea-
sured by FTIR.

Using EDS measurements the chemical composition of several
indium islands on a single sample have been determined. Before the
sample is prepared for TEM and EDS measurements the sample is
coated with carbon and platinum to protect the sample during
processing of the TEM slice. As shown in Fig. 3(a), a color map
showing the indium (red), gallium (green), arsenic (violet), and oxygen
(yellow) mapping of a single island, the indium islands are predomi-
nantly indium. A TEM of the island with the sample structure outlined
is shown in Fig. 3(b). In the dashed outline in the central area of the
indium island in Fig. 3(a), representing a 20 nm by 10 nm section of
the island, the indium concentration was measured to be 89.9% with
only 5.6% gallium and 4.5% arsenic. Despite the presence of gallium
and arsenic in the islands and an oxide layer covering the island the
samples show a strong plasmonic resonance as shown in Fig. 2.

As described above, the indium islands can be grown in close
proximity to InAs QDs where the separation between the indium
islands and the QDs can be precisely controlled by the thickness of the
GaAs capping layer. In Fig. 4 we show a 4� increase in the peak
intensity of the ensemble PL of InAs QDs when indium islands are
present. The red data in Fig. 4 is from an InAs QD with a 7 nm GaAs
cap but no indium islands. The black data is from a sample with
similar InAs QDs and indium islands, at an island density of
�1 μm�2, with a 7 nm GaAs cap separating the InAs QDs from the
indium islands. For both samples the density of the QDs is �80 μm�2

and the QD size is �25 nm in diameter and �3.5 nm tall. The shift in
the PL peak to a shorter wavelength enhanced QDs is from the indium
island resonance being centered at a shorter wavelength and enhan-
cing the shorter wavelength QDs more. The PL measurements are
done at a temperature of 10.8 K with above band pumping from a
632.8 nm continuous wave HeNe laser. About 1.6 mWof pump power
is focused to a �3 μm diameter spot, using a high NA 100�
microscope objective. Also shown in Fig. 4 is the room temperature
resonance of the indium islands, with dimension of 120 nm in
diameter and 50 nm tall, as measured using an FTIR spectrometer.
The resonance of the indium islands has been checked to not change
between room temperature and 10 K but is not shown here.

4. Conclusion

Self-assembled plasmonic nanostructures that can be grown in
the same process as III–V quantum emitters have been explored and
a wide range in sizes and densities has been demonstrated. A 4�
increase in the peak PL of InAs QDs separated by 7 nm from the
indium islands has been observed, demonstrating that the islands
improve the luminescence of QDs and can in fact interact with them.
This distance is less than the observed 1/e point, �8 nm, of the
coupling distance previously observed between a plasmonic struc-
ture and a QW [12] suggesting this is a useful platform to study
coupling effects to III–V near-surface QDs. The increase in PL can be
improved further by increasing the percentage of QD emission that is
coupled to the plasmon mode [13] of on an indium island by
controlling the position of the QDs relative to the plasmonic
nanostructures or by using metals with lower losses as the plasmonic
nanostructure [2]. An added interest of this platform is the ability to
integrate superconducting structures, the indium islands, with III–V
quantum emitters. The high indium concentration, up to �90%, will
be beneficial for any superconducting experiments or applications.
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a b s t r a c t

We investigate stacked structures of InAs/AlAsSb/InP quantum dots using temperature- and power-
dependent photoluminescence. The band gap of InAs/AlAsSb QDs is 0.73 eV at room temperature, which
is close to the ideal case for intermediate band solar cells. As the number of quantum dot layers is
increased, the photoluminescence undergoes a blue-shift due to the effects of accumulated compressive
strain. This PL red shift can be counteracted using thin layers of AlAs to compensate the strain. We also
derive thermal activation energies for this exotic quantum dot system.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Intermediate band solar cells (IBSCs) are among the most prom-
ising candidates for next generation photovoltaics, offering high effi-
ciency from a simple structure at low cost [1,2]. One possible method
for creating the intermediate band is by inserting quantum dot (QD)
layers into the active region of a solar cell [2–13]. The band alig-
nments of current QD material systems, such as InAs/GaAs, InAs/
GaAsN and GaSb/GaAs [3–5], are not optimal for implementing the
theoretically predicted intermediate band for IBSCs. In comparison
with InAs/GaAs and GaSb/GaAs, the InAs/AlAsSb QD system has band
alignments that almost match the calculated ideal case [6]. Previous
studies from our group show that this is a type-II QD system with
strong electron confinement, that offers excellent optical character-
istics for IBSCs [6]. We have successfully optimized both the MBE
growth conditions to obtain high-quality stacked QD structures, and
QD optical performance to create IBSC prototype devices [6,7].

So that QD IBSC devices can absorb solar energy more efficiently,
it is important to obtain high QD density by stacking layers of dots.
However, the compressive strain left over from the QD self-assembly
process will also accumulate and cause defects in the stacked
structure. It is therefore hard to achieve a large number of QD layers
while maintaining high material quality. Strain compensation (SC) is
a useful technique to deal with this problem [8–12]. We recently
reported the use of thin tensile-strained AlAs layers to manage
compressive strain in stacked layers of InAs/AlAsSb QDs [13]. The

AlAs SC layers enable us to reduce residual strain in the QD stacks, so
improving the overall optical quality and increasing carrier lifetime.

In this work we report the results of comprehensive photo-
luminescence (PL) spectroscopy measurements to fully understand
the fundamental characteristics of strain-compensated InAs/AlAsSb
QDs. With a view to implementing this exotic QD system in proof-
of-principle IBSC devices, we are particularly interested to learn
how the material properties change with increasing number of
stacked QD layers, and what role the SC layers play.

2. Experiments

We studied four InAs/AlAsSb QD samples grown on InP(0 0 1)
substrates by solid-source molecular beam epitaxy. Schematic dia-
grams of the sample structure are shown in Fig. 1 and the sample
details are listed in Table 1. All samples have the following structure:
a 500 nm AlAsSb buffer, a 5 monolayer (ML) GaAs cladding layer,
8 ML of InAs QDs, followed by a 5 ML GaAs0.95Sb0.05 capping layer [7],
and then a 15 nm AlAsSb spacer. For sample B and sample C we
repeated the whole QD section (including the GaAs cladding, the
InAs QDs, the GaAsSb capping layer, and the AlAsSb spacer) 5 and 30
times, respectively. Sample D also has 30 QD layers, but with a 3 ML
AlAs SC layer in the middle of each AlAsSb spacer. The 3 ML AlAs SC
layer has been carefully designed to fully balance the strain in the
stacked QD structure [13]. While the lattice constant of InAs is bigger
than that of the InP substrate, the lattice constant of AlAs is smaller.
The AlAs layers therefore introduce tensile strain that compensates
the compressive strain caused by the InAs QDs in each period of the
stack.We have previously reported the calculated band alignment for
these strain compensated QD samples [13].
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For PL measurements, the samples are placed in a cryostat
(77–300 K). A 532 nm solid-state laser operated at 8 mW, 25 mW
and 80 mW, is focused on the sample surface with a spot �125 mm
in diameter. The PL signal is collected by a lens and then dispersed
by a monochromator. A Hamamatsu Extended-InGaAs detector is
used to measure the PL signal via standard lock-in technology. The
PL spectra are fitted with Gaussian functions in order to derive the
PL peak wavelength, FWHM and integrated PL intensity (IPL).

3. Experimental results and discussion

The PL spectra of the four samples are normalized to the
maximum intensity of each spectrum in Fig. 2(a). The PL peak
blue-shifts from 1587 nm to 1459 nm as the number of stacked QD
layers increases from 1 to 30, while the 30-layer SC sample D emits
at similar wavelength to the single QD layer sample A. The blue-
shift from sample A to C may be attributed to the accumulated
compressive strain, which tends to enlarge the band gap. However,
with the introduction of the SC layers in sample D, the amount of
strain in each period of the QD stack remains constant. So, even
though sample D has 30 QD layers, the use of strain compensation
means that it emits at almost the same wavelength as the single
layer sample A. This trend holds throughout the temperature
range from 77 K to room temperature (Fig. 2(b)).

Under the 8 mWexcitation condition in Fig. 2(a), sample D has the
strongest PL with peak intensity twice that of the other three samples.
The integrated PL intensities (normalized to that of sample A) of
samples A, B, C and D at 77 K (with a laser power of 8 mW) are found
to be 1, 0.93, 1.43 and 3.48, respectively. Although increasing the
number of layers of QDs may enhance light absorption, the simulta-
neous accumulation of strain also increases the occurrence of defects
and deteriorates the optical quality. As a result, despite raising the
number of stacked QD layers from 1 to 30 in samples A to C, the PL
intensity remains essentially unchanged. However, in sample D the
defects caused by excessive strain are reduced by the inclusion of the
SC layers, and so the benefit of a large number of stacked QDs on the
optical quality of the structure becomes apparent. Wemeasure FWHM
values of 82 nm, 103 nm, and 118 nm for samples A, B, and C, resp-
ectively. The broadening of the PL spectra with more QD layers may be
due to the increasing inhomogeneity of QDs caused by stacking. It is
also very interesting that the FWHM is 134 nm for sample D. Further

work will be needed to understand why the PL of sample D with SC
layers is broader than that of sample C without SC layers.

The PL as a function of temperature from 77 to 300 K is shown
in Fig. 3. In sample D, thermal quenching starts at a relatively low
temperature, which is a characteristic of type-II QDs [14]. As the
temperature increases, the PL peak energy shows a red shift for all
samples due to the decrease of QD band gap predicted by the
Varshni law [15],

EðTÞ ¼ Eð0Þ� αT2

βþT
ð1Þ

By fitting the temperature dependence of the peak PL energies
using Eq. (1), we can obtain the Varshni parameters α, and β, while
the transition energy at 0 K, E(0), is offset in the four samples. Since
in type-II QDs the PL peak energy is well known to depend on the
excitation intensity [6,7,14], the fitting results also depend on the
excitation intensity. Three different laser powers are thus used in
the experiments to highlight this dependence and show the trend
as excitation intensity approaches the solar power intensity
(�1 mW/mm2). The Varshni fitting for sample D is shown in
Fig. 3(b) as an example and the corresponding values for all four
samples are listed in Table 2. These Varshni fitting results are
satisfactory when compared to the values for bulk InAs recom-
mended by Vurgaftman et al.: E(0)¼0.417 eV, α¼0.276 meV/K, and
β¼93 K [15]. In our QD system, the transition energy E(0) is offset
because of quantum confinement and the effect of strain on the
band gap. Table 2 shows that increasing the number of QD layers
raises E(0), while in sample D, inserting SC layers reduces E(0) to the
value of the single QD layer sample A. Though α and β are a little
different from the literature values above, they are within a
tolerable range and reveal some interesting phenomenon. α and β
change considerably from sample to sample, but the change is
comparatively weak as a function of laser excitation power. Never-
theless, α for sample C is similar to that of sample D but differs
significantly from samples A and B. We see the same trend for β.
These results indicate that the number of stacked QD layers has
stronger influence on α and β than the introduction of SC layers, or
the pump laser power. An investigation of parameters α and β
might therefore help reveal material properties that change as a
result of stacking large numbers of QD layers.

It is worth noting from Fig. 3(b) that at a laser power of 8 mW
the peak PL energy for sample D is 0.73 eV at 300 K. This value is
very close to the optimal value (�0.7 eV) for an IBSC [1]. IBSC
theory predicts that only when the band alignment is close to the
optimal case can the theoretical maximum power conversion
efficiency be achieved. The careful design of the InAs/AlAsSb QD
system for achieving highly efficient IBSCs is further confirmed by
PL emission from the single QD layer sample A at 0.74 eV at 300 K.
The peak PL energies for samples B and C are 0.78 eV, and 0.81 eV
respectively at 300 K and the deviation from the optimal value

Fig. 1. Schematic diagram of InAs/AlAsSb QD samples (a) without, and (b) with an AlAs SC layer. The calculated band structure of the strain compensated sample is shown
next to (b).

Table 1
Details of the four InAs/AlAsSb QD samples studied in this work.

Sample ID A B C D

No. of QD layers 1 5 30 30
Spacer thickness – 15 nm 15 nm 15 nm
AlAs SC thickness 0 ML 0 ML 0 ML 3 ML
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grows larger with more QD layers. However, this deviation is
eliminated when SC is applied to the QD system. The use of SC
layers guarantees that the band alignment is still close to the
optimal value, even when the number of QD layers is large, as it
will need to be in a practical IBSC device.

Thermal activation energy, another critical parameter for car-
riers in a QD system, refers to the energy that the carriers need to
escape from the QDs. The integrated PL intensity (IPL) is related to
thermal activation energy (Ea) by [16],

IPLpexp
Ea
kT

ð2Þ

We derive the thermal activation energy of the QDs from the
thermal quenching processes close to room temperature. Fig. 4 shows
the Arrhenius plot of IPL as a function of measurement temperature at
three different pump powers—the example shown here is for sample
D. The gradients of the linear fits at high temperature give the
thermal activation energies and these are summarized for all four
samples in Table 3. Thermal activation energy depends on the

excitation power density: higher excitation power leads to a lower
measured activation energy. At the same power density, the thermal
activation energy does not vary much between samples, except that
sample C appears to be an outlier, showing higher thermal activation
energies at all pump powers compared with the other three.

From the data in Table 3, we note that the activation energy of
InAs/AlAsSb QDs decreases with increasing excitation laser power.
Similar observations are reported by Le Ru et al. for the InAs/GaAs QD
system [17]. If we can apply their model to the InAs/AlAsSb QD system,
the average number of carriers captured in every QD may have an
impact on the experimentally derived thermal activation energy. As
the InAs/AlAsSb QD system has a type-II band alignment, after
excitation, electrons will be confined in the QDs, with holes localized
outside but close to the QDs. With stronger excitation laser power, on
average every QD has more electrons in it and more holes near it. This
leads to a distortion of the band structure, reducing the energy
required by the carriers to escape the QDs.

1400 1500 1600 1700 1800 1900
10-1

100

101

102

103

77K

P
L 

(A
.U

.)

wavelength (nm)

300K

Fig. 3. (a) PL spectra of sample D measured at different temperatures from 77 K to 300 K using a laser power of 25 mW; (b) Varshni fitting of the peak PL energies from the
spectra in Fig. 3(a) at three different laser excitation powers.

Table 2
Varshni equation fitting results for all four samples as a function of pump
laser power.

Sample no. A B

Laser power 8 mW 25 mW 80 mW 8 mW 25 mW 80 mW
E(0) (eV) 0.790 0.796 0.805 0.822 0.828 0.835
α (meV/K) 0.220 0.223 0.212 0.204 0.199 0.191
β (K) 81 79 33 90 62 25
Sample no. C D
Laser power 8 mW 25 mW 80 mW 8 mW 25 mW 80 mW
E(0) (eV) 0.858 0.861 0.864 0.793 0.796 0.801
α (meV/K) 0.282 0.299 0.260 0.284 0.326 0.287
β (K) 158 185 129 106 170 125

Fig. 4. Linear fitting of ln(IPL) against 1000/T at high temperature for sample D. The
slopes are annotated near the linear fitting.

Fig. 2. (a) Normalized PL spectra measured with a laser power of 8 mW at 77 K. The PL intensities of samples B, C, and D are 0.74, 1.02 and 2.15 times the intensity of sample
A, respectively. (b) Normalized PL spectra measured with a laser power of 25 mWat 300 K. The PL intensities of samples B, C, and D are 1.38, 0.95 and 1.82 times the intensity
of sample A, respectively.
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To explain the inconsistency of sample C with the others in
Table 3, we must consider that fact that it contains the highest
number of stacked QD periods but no SC layers. As such, it is likely
to have the highest defect density and hence a shorter carrier
lifetime [13]. As a result, for a given pump laser power, each QD in
sample C may, on average, have fewer carriers than the other three
samples. The distortion of the band structure will therefore be less
in sample C and so the measured activation energies are larger.

4. Conclusions

We have studied the photoluminescence response of InAs/
AlAsSb QD structures. We see that stacking multiple layers of QDs
leads to an accumulation of compressive strain, which increases the
band gap and causes a blue-shift in the PL emission energy. Placing
a carefully optimized tensile AlAs strain compensation layer in the
AlAsSb spacer between each layer of QDs effectively balances the
strain and improves the optical properties of the InAs dots. Through
temperature and excitation power dependent PL measurements, we
obtain Varshni parameters, as well as the thermal activation
energies. We use these values to help us understand the carrier
dynamics and the physical properties of these materials. The results
presented here show that the strain compensated stacked InAs/
AlAsSb QD system is a promising candidate with almost ideal band
alignments for developing a high efficiency QD IBSC.
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a b s t r a c t

We have demonstrated a novel selective area growth (SAG) method based on rf-plasma-assisted
molecular beam epitaxy for AlGaN nanocolumns using nanotemplates. The nanotemplates, which were
prepared on a metal-organic chemical vapor deposition-GaN template, consisted of a triangular lattice of
nanopillars with a lattice constant from 200 to 400 nm. For nanopillars with a lattice constant of 400 nm,
the gap width between adjacent pillars was varied from 30 to 130 nm. The well-controlled SAG of GaN
nanocolumns was achieved on nanopillar arrays with gap widths of less than approximately 45 nm. The
beam shadowing effect, which was induced in the high-density nanopillar arrays with small gaps, was a
key mechanism in the SAG. This gap width condition for SAG was satisfied for lattice constants from 200
to 400 nm. Using the nanotemplate SAG technology, the SAG of AlGaN nanocolumn arrays was achieved
for Al compositions of 0.13, 0.22, 0.43, and 1. Single-peak photoluminescence (PL) spectra of AlGaN were
observed, whose wavelengths were close to the calculated bandgap wavelengths using the bandgaps of
AlN (6.015 eV) and GaN (3.39 eV) and a bowing parameter of 0.98 eV.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Nitride-semiconductor one-dimensional nanocrystals, which
have various names such as nanocolumns, nanowires, nanorods,
and nanopillars, have been extensively investigated in the last
decade [1–5]. Freestanding vertical nanocolumns on substrates are
attractive for applications to III–V nitride optoelectronic devices
owing to their dislocation-free, efficient light extraction, and strain
relaxation properties [3,6]. The periodic arrangement of GaN
nanocolumns generates the photonic crystal effect in the nano-
crystal system, which functions effectively to realize the radiation
of a beam with high directionality from InGaN-based nanocolumn
LEDs [7] and the surface-emitting lasing of InGaN nanocolumn
arrays [8,9]. These phenomena have been actualized through
precise control of the size and position of nanocolumns.

As a method of controlling the growth of nanocolumns, the
selective area growth (SAG) of GaN nanocolumns has been devel-
oped on metal-organic chemical vapor deposition (MOCVD)-
grown GaN template on sapphire substrates by MOCVD using a

SiNx mask [10] and by rf-plasma-assisted molecular beam epitaxy
(rf-MBE) using a Ti mask [11,12]. Recently, the SAG of nanocol-
umns by rf-MBE on Si substrates has been reported using AlN
buffer layers covered with patterned SiNx [13] and SiO2 [14] masks
and using thin GaN buffer layers with a Ti mask [15]. At the same
time, the Ti-mask SAG technology on GaN/sapphire substrates has
contributed to the realization of emission wavelength control via
the nanocolumn diameter [16], the monolithic integration of
nanocolumn LEDs with different emission colors [17], and green-
and red-emitting nanocolumn LEDs [7,18].

However, the SAG of AlGaN using a Ti mask has not been
achieved. This is because Al adatoms do not diffuse for a long
distance on the surface of a Ti mask in the presence of nitrogen
owing to the high bond energy between Al and N, which induces
the spontaneous nucleation of AlGaN on the Ti mask, as shown in
Fig. 1(a). Thus, it becomes difficult to perform the SAG of AlGaN at
the mask openings with increasing Al composition.

In this study, we have demonstrated a novel method for the
SAG of AlGaN nanocolumns based on rf-MBE using nanotemplates
that consisted of top-down nanopillars. The nanopillars were
prepared on a GaN template through electron beam lithography
(EBL) and inductive coupling plasma (ICP) etching. The high-
density nanopillar array with a high aspect ratio provides the
beam shadowing effect, which enables AlGaN nanocolumns to be
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grown selectively on the tops of the underlying top-down nano-
pillars, as shown in Fig. 1(b). During the growth of AlGaN on the
nanotemplate, Al and Ga beams are supplied to the concavo-
convex surface of the nanopillar structure under the irradiation of
atomic nitrogen. However, the sidewalls and gap regions of the
structure are shadowed from the beam radiation by the neighbor-
ing nanopillars, suppressing the growth of AlGaN there and
resulting in preferential growth on the tops of the nanostructures.
As a result, the SAG of AlGaN is achieved (see Fig. 1(b)).

2. Growth of GaN on nanotemplates

Various GaN nanotemplates consisting of triangular-lattice
nanopillar arrays with a lattice constant from 200 to 400 nm were

prepared on the same substrate. Owing to the etching property of
ICP etching, the pillar height changed from 150 to 450 nm for a
lattice constant of 400 nm when the gap width between adjacent
pillars was increased from 30 to 130 nm. The pillar diameter
changed from 160 nm (for a lattice constant of 200 nm) to
370 nm (for a lattice constant of 400 nm); thus, the aspect ratio of
the nanopillars was 5–6. Using rf-MBE, Si-doped n-type GaN
nanocolumns were grown on the GaN nanotemplates for 2 h at a
substrate temperature Tsub of approximately 880 1C, which was
measured using a pyrometer. The beam incident angle from the
normal direction to the substrate surface was 401, the beam
equivalent pressure of Ga (PGa) was 3.0�10�4 Pa, and the flow
rate of rf-plasma nitrogen was 0.7 sccm with a plasma input power
of 450W. The growth at a lower temperature enhanced the lateral
growth, resulting in coalescence between neighboring nanocol-
umns. Here, to obtain a well-controlled SAG, we optimized the
growth conditions and the growth window for SAG in terms of the
growth temperature and nitrogen supply was similar to that for
conventional Ti-mask SAG [12]. SAG on nanotemplates based on
beam shadowing is suitable for the SAG of AlGaN as described later.
The difference between the two types of SAG is that the enhanced
nucleation at nanopillar tops in the initial growth stage promotes
SAG in the former, while the suppressed nucleation on the Ti-mask
promotes SAG in the latter Ti-mask SAG. However, in the latter, the
sticking of AlN to the mask introduces a deficient SAG.

Fig. 2 shows top-view and bird's-eye-view scanning electron
microscope (SEM) images of the underlying nanotemplates (before
growth) and GaN nanocolumns grown on the nanotemplates (after
growth) for patterns A, B and C, which consisted of nanopillars
with small, large, and even larger gaps, respectively. Here, the
lattice constant was 400 nm. For the samples in Fig. 2, the gap
widths (W) in patterns A, B, and C were 45, 82, and 90–97 nm,
respectively. Before the growth of GaN, the top surfaces of the
nanopillars were flat, whereas the top shapes were different. The
nanopillars were prepared by etching GaN through hexagonally
shaped electron-beam resist masks, but in patterns B and C, large
gaps were etched to form round nanopillars, as shown in Fig. 2,
which was due to the isotropic nature of ICP etching. However, as a
result of the growth of GaN nanocolumns on pattern B, the round

Ti-mask selective area growth

Nanotemplate selective area growth

Nanoholes Ti mask

GaN template

AlGaN

AlGaN
Al Ga

Al GaNanopillars

GaN template
Fig. 1. Growth processes in selective area growth (SAG) methods; (a) Ti-mask SAG
method and (b) nanotemplate SAG method proposed in this study. The bird's-eye-
view SEM images in (a) and (b) are of the nanohole pattern and nanotemplate,
respectively.

Fig. 2. SEM images of triangular-lattice nanotemplates (before growth) and nanocolumns (after growth) for different patterns of nanotemplates with a small gap width
(pattern A), large gap width (pattern B), and even larger gap width (pattern C). The lattice constant was 400 nm for all patterns. The gap widths between adjacent nanopillars
for patterns A, B, and C were 45, 82, and 90–97 nm, respectively, and the heights of the nanopillars and the grown nanocolumns for patterns A and B were 200 and 500 nm,
and 950 and 420 nm, respectively. For pattern C, network or film of GaN was grown.
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shape of the pillars changed to a hexagonal shape, and the flat top
surfaces changed to faceted pyramid surfaces. For pattern C with
the largest gaps, the growth on the nanotemplate produced a
network or film of GaN.

The beam shadowing effect changed with the gap width, resulting
in a change in the nanocolumn height. For example, the nanocolumn
height for pattern A was 960 nm and that for pattern B was 420 nm.
Fig. 3(a) shows the nanocolumn height after growth (H) as a function
of the gap width, where the initial nanopillar height before growth
(h) is given at the bottom of the figure. For a gap width of less than
45 nm (pattern A in Fig. 2), taller GaN nanocolumns with a height
from 900 to 1000 nm were obtained. When a gap width was larger
than 45 nm (pattern B), the nanocolumn height decreased with
increasing gap width, decreasing the beam shadowing effect, allow-
ing more Ga atoms to reach the bottom of the gaps, and resulting in
the growth of GaN, filling the gaps. When the gap width was very
large (pattern C), the gaps were completely buried, resulting in a
network or film of GaN on the entire area. To clarify the growth
mechanism for a large gap, we evaluated the difference between the
growth rates on the nanopillar tops (R1) and in the gap area (R2),
using the formula R1�R2¼(H�h)/2 for 2 h growth. The value of
R1�R2 decreased with increasingW and abruptly decreased whenW
approached �80 nm, as shown in Fig. 3(b). R1�R2 was slightly
negative at W¼82 nm, probably due to error attributed to the
measurement of H and h for different samples with the same pattern.
The growth mechanism is as follows. With increasing gap width, the
reduced shadowing effect of neighboring nanopillars increases the
number of Ga atoms impinging on the nanopillar sidewalls, enhan-
cing the diffusion of Ga to the bottom gap area; this results in the
decreased value of R1�R2. In the experiment, the increased imping-
ing of Ga on the sidewalls enhanced the lateral growth of nanocol-
umns with increasing W (see Fig. 3(b)).

The gap width of less than 45 nm required for SAG was satisfied
for lattice constants from 200 to 400 nm; therefore the beam
shadowing effect functioned effectively in promoting SAG under this
condition. Fig. 4(a) shows the calculated incident atomic beam profile
along the nanopillar axis of Ga impinging on the nanopillar sidewalls.
We observed that the incident atomic flux dramatically decreases at
the position z¼200 nm below the nanopillar top owing to beam
shadowing by first- and second-neighbor nanopillars and no direct
impingement of Ga on the gap bottom area occurs for gap widths
calculated here. When the gap width is less than 40 nm, the incident
atomic beam profile is well suppressed over a wide area on sidewalls.
Thus, the diffusion of Ga to the bottom gap area does not occur,
resulting in a controlled SAG. In fact, R1�R2 did not change with the
gap below a gap width of 40 nm. Note that the controlled SAG of GaN

nanocolumns occurred for a shallow concavo-convex surface of
nanopillars with a height of �200 nm, as shown in Fig. 3(b); then
the calculation of Fig. 4(a) suggests that SAG of GaN nanocolumns
occurs for nanopillars with a height less than 200 nm. The inset of
Fig. 4(a) shows the incident atomic flux at z¼50 nm, which increases
rapidly when the gap width is larger than 45 nm. The rapid increase in
the incident atomic flux of Ga on the sidewalls enhances the diffusion
of Ga to the bottom of the nanocolumns, decreasing the nanocolumn
height and the difference in the growth rate between the nanopillar
top and gap areas (see Fig. 3(a) and (b)). This growth behavior can be
clearly observed in the cross-sectional SEM image of nanocolumns
grown on nanopillar templates with the gap width tapered one-
dimensionally from one end to the other shown in Fig. 4(b).

Transmission electron microscope (TEM) observation con-
firmed that dislocation-free GaN nanocolumns were prepared by
nanotemplate SAG in a similar way to Ti-mask SAG [12]; here the
dislocations bent toward the sidewalls in the initial stage of
growth and did not propagated to the upper region of the
nanocolumns, as discussed below.

3. Dislocation filtering effect

We grew 40-pair Al0.25Ga0.75N (2 nm)/GaN (8 nm) superlattice (SL)
template on GaN/sapphire by rf-MBE to prepare top-down AlGaN/GaN
SL nanopillars, then GaN nanocolumns were grown on them, as
shown in Fig. 5(a) and (b). This method is expected to enable us to
integrate an AlGaN/GaN SL cladding region into nanocolumn emitters,
such as nanocolumn lasers and/or LEDs. Fig. 5(c) shows a magnified
cross-sectional TEM image of the AlGaN/GaN SL nanotemplate and the
bottom region of the grown GaN nanocolumns. The horizontal lines
indicate the stack of the short-period AlGaN/GaN superlattice. Note
that the SL template included a large number of dislocations, which
were generated at the boundary between the SL and the underlying
GaN template and propagated through the SL region. However, when
GaN nanocolumns were grown on the SL nanotemplate, the disloca-
tions bent toward the sidewall and terminated in the bottom region of
nanocolumns (i.e., at the initial stage of growth when the thickness
was approximately 200 nm). The dislocation filtering effect [12] was
also observed for the nanotemplate SAG.

4. SAG of AlGaN on nanotemplate

Four Si-doped AlGaN nanocolumns were grown for 30 min at a
substrate temperature of approximately 900 1C by rf-MBE-based
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nanotemplate SAG at PGa¼3�10�4 Pa, where the beam equivalent
pressure of Al (PAl) was controlled to 1�10�5, 2.5�10�5, 5�10�5,
and 1.5�10�4 Pa. The higher-temperature growth is expected to
lead to AlGaN with higher crystal quality; in this study, AlGaN
nanocolumns were grown at a temperature similar to that of GaN
to control the Al composition of AlGaN by suppressing the excess
evaporation of Ga induced at a higher temperature. But note that the
growth temperature of AlGaN nanocolumns is higher than that of a
standard film growth of AlGaN. Nitrogen was supplied through a
nitrogen plasma cell with a flow rate of 1 sccm and a plasma input
power of 450W. Fig. 6 shows SEM and scanning ion microscope
(SIM) images of the grown AlGaN nanocolumns. The lattice constant
of the AlGaN nanocolumn array was 200 nm and that of the AlN
nanocolumn array was 400 nm. The upper column shows SEM top-
view images and the lower column shows bird's-eye-view SIM
images. Nanocolumns were etched by FIB milling to reveal the
vertical cross-sectional faces, whose SIM images were observed using
the same FIB machine. The shapes of the nanocolumns were

observed to be hexagonal for all samples, and the boundaries
between the AlGaN and the underlying GaN template were clearly
distinguished in the SIM images, proving that the AlGaN nanocol-
umns were grown on the tops of the nanopillars.

The Al compositions ðxAlÞ of the grown AlGaN nanocolumns
shown in Fig. 7 were evaluated by X-ray diffraction (XRD)
measurement to be 0.13, 0.22, 0.43, and 1. xAl increased linearly
with increasing Al beam equivalent pressure ratio ðPAl=ðPAlþPGaÞÞ
and reached unity at 0.333, as shown in Fig. 7, at which AlN
nanocolumns with a periodic arrangement were grown (see the
rightmost images in Fig. 6). The ratio between the fluxes of Al and
Ga ðJAl=JGaÞ is calculated from PAl and PGa as follows [19]:

JAl
JGa

¼ PAl

PGa
� ηGa
ηAl

TAlMGa

TGaMGAl

� �1=2

ð1Þ

where Jx is the flux of species x, ηx is its ionization efficiency, and
Tx andMx are the absolute temperature of the effusion cell and the
molecular weight, respectively. Using Eq. (1) and the sticking
coefficient of Ga ðSGaÞ in the crystals, xAl is expressed by

xAl � 1þSGa U
JGa
JAl

� ��1

ð2Þ

where SAl � 1 is assumed.
Fig. 8 shows the growth rate of AlGaN and the sticking

coefficient of Ga calculated from Eq. (2) as a function of JAl=JGa.
The AlGaN nanocolumn arrays with a lattice constant of 400 nm
were evaluated and the growth rate was found to increase mono-
tonically with increasing Al flux. For a low JAl=JGa, the sticking
coefficient of Ga was nearly constant at SGa � 0:6. Owing to the
smaller bonding energy between Ga and N, however, the sticking
coefficient of Ga steadily decreased with increasing Al flux, as
shown in Fig. 8. This phenomenon has also been reported for rf-
MBE-grown AlGaN films [20], where the sticking coefficients of Al
and Ga as a function of the arrival rate of group-III atoms were
discussed for AlGaN films grown at 750 1C. Following the discussion
in Ref. 20, under the nitrogen-rich growth conditions, all incident Al
atoms were incorporated in the AlGaN film (i.e., SAl ¼ 1), while the
sticking coefficient of Ga was constant ðSGa � 0:75Þ. However, under
group-III-rich growth conditions, the Ga sticking coefficient
deceased monotonically. The observed decrease in Ga sticking was
explained as a result of the competition between Al and Ga to react

Fig. 4. (a) Calculated incident atomic beam profile along the nanopillar axis in the case of Ga impinging on the nanopillar sidewalls for gap widths from 20 to 100 nm. In the
calculation, a triangular-lattice nanopillar array with a lattice constant of 400 nm is assumed. The inset shows the dependence of the incident atomic flux of Ga at the
position 50 nm below the nanopillar top on the gap width. (b) Top-view and bird's-eye-view SEM images of GaN nanocolumns grown on a nanopillar template with the gap
width tapered one-dimensionally from one end to the other.

Fig. 5. n-Type GaN nanocolumns grown on AlGaN/GaN superlattice (SL) nanotem-
plate; (a) schematic diagram, (b) bright-field TEM image, and (c) magnified TEM
image of rectangular region in (b) enclosed by dashed line.
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with the available active nitrogen. Thus, it is considered that a
similar mechanism occurred in our experiment shown in Fig. 8.

5. Optical characteristics of AlGaN nanocolumns

Fig. 9(a) shows photoluminescence (PL) spectra of AlGaN
nanocolumns measured at room temperature (RT) under excita-
tion by an ArF excimer laser with a wavelength of 193 nm (pulse
width: 4 ns and repetition rate: 25 Hz). Single-peak spectra of
AlGaN were observed for all samples and the PL peak wavelength
is plotted as a function of xAl in Fig. 8(b). The solid line indicates
the calculated bandgap wavelength using the bandgaps of AlN
(6.015 eV) [21] and GaN (3.39 eV) [22] and a bowing parameter of
0.98 eV [23]; the experimental bandgaps were close to the
calculated values. The PL peak wavelength of the AlN nanocol-
umns was 212 nm.

However, the excitation spot, whose size was approximately
100 μm, included an area outside the nanocolumns, and AlGaN
with a slightly different Al composition was considered to be
grown in the gap region. To evaluate the Al composition inside the
nanocolumns, therefore, cathodoluminescence (CL) measurement
was performed, where the center region of a nanocolumn was
excited with an incident single spot electron beam whose dia-
meter was less than �100 nm. The single-point CL spectra of AlN
and AlGaN ðxAl ¼ 0:43Þ are shown in Fig. 10. The insets are
monochromatic CL intensity mapping images of AlN and AlGaN
evaluated at each emission peak wavelength, while scanning
the electron beam over the whole area of the samples. As the
excitation conditions, the acceleration voltage and emission cur-
rent were 5 kV and 10 pA, respectively. In the images, hexagonally
shaped nanocolumns appeared with homogeneous CL emission
distributions inside the nanocolumn regions. Note that we did not
observe specific dark regions in the crystals, which are usually
produced by crystal dislocations. The single-peak CL emissions for
AlN and AlGaN nanocolumns occurred at peak wavelengths of 209
and 290 nm, respectively. The CL peak wavelength of AlGaN with
xAl ¼ 0:43 was identical to the calculated bandgap wavelength (see
Fig. 8(b)). At the same time, the emission wavelengths of the
freestanding bulk and homoepitaxial AlN crystals were 208 nm
[21] and 207.8 nm [24], respectively, which are close to the CL peak
wavelength of AlN nanocolumns.

Fig. 6. SEM top-view (upper images) and SIM bird's-eye-view (lower images) images of the AlGaN nanocolumns with Al compositions from 0.13 to 1. The lattice constant of
the AlGaN nanocolumns was 200 nm and that of the AlN nanocolumns was 400 nm. The cross-sectional SIM image for the xAl ¼ 0:43 sample shows the a-plane and the other
images show the m-plane.
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6. Conclusion

The aim of this study was to develop an rf-MBE-based method
for the SAG of AlGaN-based nanocolumns. We have demonstrated
a novel SAG method based on nanotemplates consisting of a
triangular lattice of nanopillars. Well-controlled SAG of GaN
nanocolumns was obtained when the gap width between adjacent
nanopillars was less than approximately 45 nm. Using this SAG
technology, the successful SAG of AlGaN nanocolumn arrays was
observed for Al compositions of 0.13, 0.22, 0.43, and 1. We
observed single-peak photoluminescence (PL) spectra of AlGaN,
the peak wavelengths of which were close to the calculated
bandgap wavelengths using the bandgaps of AlN (6.015 eV) and
GaN (3.39 eV) and a bowing parameter of 0.98 eV.

In this study, it was clarified that the beam shadowing effect,
which was induced in the high-density nanopillar arrays with
small gaps, had as a key role in accomplishing the SAG. During the
growth of AlGaN on the nanotemplates, Al and Ga beams were
supplied to the concavo-convex surfaces of the nanopillars.

However, the sidewalls and gap regions of the nanopillar structure
were shielded from the beam by the neighboring nanopillars,
resulting in preferential growth on the tops of the nanostructures.
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InGaP/GaAs/InGaAsP triple junction solar cells grown using
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a b s t r a c t

We report mechanically stacked InGaP (1.9 eV)/GaAs (1.42 eV)/InGaAsP (1.0 eV) triple junction solar cells
fabricated with an advanced bonding technique using Pd nanoparticle arrays. High quality InGaP/GaAs
tandem top and InGaAsP bottom cells are grown on GaAs and InP substrates, respectively using solid-
source molecular beam epitaxy (MBE). The InGaAsP bottom cell has an open circuit voltage (Voc) of
0.49 V, which indicates that high performance InGaAsP solar cells can be fabricated using solid-source
MBE. A fabricated triple junction solar cell has a high efficiency of 25.6% with a high Voc of 2.66 V.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Multijunction solar cells have been studied to realize solar cells
with ultra-high efficiency. InGaP/GaAs/Ge triple junction solar cells
have been commercialized for space applications. There are two
methods of fabricating multijunction solar cells. One is a monolithic
epitaxial growth technique on GaAs or Ge substrates. InGaP/GaAs/
InGaAs triple-junction solar cells grown monolithically on GaAs
substrates have high efficiencies of 37.7% and 44.4% under AM1.5
and concentrator conditions, respectively [1]. This triple-junction
solar cell utilizes metamorphic buffer growth, which is a very difficult
technique that limits the choice of materials and cell combinations.
Another method for fabricating multijunction solar cells is a semi-
conductor direct bonding technique applied to two different sub-
strates [2–4]. 4- and 5-junction solar cells have been realized by
using a technique for directly bonding GaAs and InP wafers, that
makes it possible to connect GaAs-based 2- and 3-junction and InP-
based 2-junction solar cells. 4- and 5-junction solar cells have the
highest reported efficiencies of 44.7% and 38.8% under concentrator
[5] and AM1.5 [6] conditions, respectively. The above multijunction
structures are grown by metal organic chemical vapor deposition
(MOCVD) because they require materials that include phosphorus
such as InGaP and InGaAsP. Solid-source molecular beam epitaxy
(MBE) has the potential to grow high quality phosphorus based
materials, because it proceeds under ultra-high vacuum conditions

and uses ultra-high purity metal sources. These metal sources are far
cheaper than the gas sources used in MOCVD. However, we require
thick InGaP-based epitaxial layers for solar cell applications to obtain
sufficient light absorption, and so we need a large-scale phosphorus
source that is pyrophoric when venting or performing maintenance
on an MBE chamber. Moreover, InGaAsP is very difficult to grow
using solid-source MBE because we need precise control of the beam
fluxes of two kinds of group-V atoms, for example As and P.
Therefore, there have been a few reports on InGaP and InGaAsP
solar cells and multijunction solar cells fabricated using solid-source
MBE. Although InGaP/GaAs tandem solar cells have been fabricated
using gas-source MBE, expensive gas sources are needed [7].
Recently, InGaP/GaAs/GaInNAsSb multijunction solar cells with a
high efficiency of 44% and grown using MBE have been achieved
under concentrator conditions [8]. However, the growth technique
and procedure have not been described in detail.

In our earlier work, we reported a technique for growing InGaP
material [9–12] and InGaP/GaAs tandem solar cells [13] using
solid-source MBE. We have also proposed a new semiconductor
bonding technology for mechanically stacked multi-junction solar
cells by using conductive nanoparticle alignment [14]. This tech-
nique is very attractive for interconnecting different kinds of solar
cells [15]. In this paper, we detail the optimal growth conditions
for InGaAsP epitaxial films on (100) InP and describe the char-
acteristics of InGaAsP solar cells fabricated using solid-source MBE.
Moreover, we report mechanically stacked InGaP (1.90 eV) /GaAs
(1.42 eV) /InGaAsP (1.0 eV) triple junction solar cells. GaAs-based
InGaP/GaAs top and InP-based InGaAsP bottom cells grown by
solid-source MBE are mechanically stacked for the first time.
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2. Experiments

We grew In0.775Ga0.225As0.489P0.511 layers with an energy gap of
1.0 eV on InP (100) substrates at growth rates of 1.0 μm/h. A 400 nm InP
buffer layer was grown at 450 1C prior to the In0.775Ga0.225As0.489P0.511
layer growth. The growth temperature of the In0.775Ga0.225As0.489P0.511
layer was varied from 380 to 420 1C. The In and Ga fluxes were constant
at 1.0�10�6 and 1.7�10�7 Torr, respectively. The As2 and P2 fluxes
were generated by using arsenic and phosphorus valved cracker cells,
respectively. We used red phosphorus and arsenic ingots as solid
sources. The P4 molecules were cracked into P2 at 825 1C, and the As4
molecules were cracked into As2 at 950 1C. The As2 pressures were
varied from 0.9�10�6 to 1.2�10�6 Torr under a constant P2/As2 flux
ratio, during the InGaAsP growth. The As2 and P2 beam intensities were
controlled by the aperture size of the valved cracker outlet. Photo-
luminescence (PL) measurement was performed to study the optical
properties of the InGaAsP films.

For solar cell applications, InGaAsP p–n junctions were grown on
a pþ-InP (100) substrate. The sample structures are shown in detail
in Fig. 1. The growth temperature and the growth rate were 400 1C
and 1 μm/h, respectively. The p-InGaAsP layer thickness was 2 μm
and an nþ-InP window layer was grown. The nþ-InGaAs was
grown on the InP window as an electrode contact layer. After the
growth, the front electrode was formed using photolithography and
a lift-off technique. AuGe/Ni/Au and Ti/Au were used for the front
and back electrodes, respectively. The nþ-InGaAs contact layer was
removed by chemical etching using the front electrode as an
etching mask. Anti-reflection coating (ARC) was not employed.

Triple junction solar cells were fabricated using an advanced
bonding technique [14]. InGaP/GaAs tandem top cells were grown
[13] and separated from the GaAs substrates by using a selective
etching method called the epitaxial lift-off technique. The InGaP/
GaAs top cells were connected to the InGaAsP bottom cells on the
InP substrates through Pd nanoparticle arrays as shown in Fig. 2.
We employed a moth-eye-type low-reflection film as an ARC for a
triple junction solar cell. A conductive Pd nanoparticle alignment
was formed on the InGaAsP bottom cell by using a self-assembled
block copolymer (polystyrene-block-poly-2-vinylpyridine). The
optical absorption loss at the interface was very small because of
the extremely small nanoparticle thickness (�10 nm) and low
surface coverage (o12%). Therefore, both a low bonding resistance
(o1Ω cm2) and a low interfacial optical loss (o2%) were possible.

The performances of the InGaAsP and the triple junction solar
cells were measured under standard conditions of AM1.5 G,

100 mW/cm2, and 25 1C. The external quantum efficiency (EQE)
of the solar cells was measured directly under a constant photon
irradiation of 1014/cm2.

3. Results and discussion

Fig. 3 shows the PL spectra of 500 nm-thick InGaAsP epitaxial
films measured at 11 K. The growth temperature and growth rate of
the InGaAsP layers were 400 1C and 1.0 μm/h, respectively. The As2
pressures were varied from 0.9�10�6 to 1.2�10�6 Torr under a
constant P2/As2 flux ratio of 4. Each InGaAsP peak has a narrow PL
peak with a full-width at half-maximum of�14 meV, which indi-
cates the growth of high quality InGaAsP films. However, the PL
peak wavelengths are very sensitive to changes in the As2 pressure
and we need precise control of the group-V fluxes to obtain high
quality InGaAsP films using solid-source MBE. The PL wavelength of

Fig. 1. Schematic layer structure of an InGaAsP solar cell grown on an pþ-InP (001)
substrate.

Fig. 2. Schematic layer structure of an InGaP/GaAs/InGaAsP triple junction solar
cell fabricated using Pd nanoparticle arrays.
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Fig. 3. PL spectra of 500 nm-thick InGaAsP epitaxial films measured at 11 K. The
As2 pressures were varied from 0.9�10�6 to 1.2�10�6 Torr under a constant P/As2
flux ratio of 4.
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InGaAsP films at room temperature corresponded to 1.03, 1.01, 0.99
and 0.98 eV for As2 fluxes of 0.9�10�6, 1.0�10�6, 1.1�10�6 and
1.2�10�6 Torr, respectively, during growth. To grow InGaAsP films
with a 1.0 eV emission at room temperature, we employed P2 and
As fluxes of 3.7�10�6 and 1.0�10�6 Torr, respectively.

Fig. 4 shows the PL spectra of 500 nm-thick InGaAsP epitaxial films
measured at room temperature. The growth temperature of the
InGaAsP layers was varied from 380 to 420 1C. The P and As fluxes
were 3.7�10�6 and 1.0�10�6 Torr, respectively. The InGaAsP layer
grown at 400 1C had a stronger and narrower PL peak. The PL peak
energy was 1.00 eV, which corresponds to the In0.775Ga0.225As0.489P0.511
bulk transition lattice-matched to the InP substrates. The slight
deviation of PL peak of the InGaAsP layer was due to fluctuations in
the P and As fluxes. High quality InGaAsP films lattice-matched to InP
can be grown by precisely controlling the group-V fluxes using solid-
source MBE.

Fig. 5 shows the I–V curves of an InGaAsP solar cell grown at
400 1C with the inset indicating its EQE spectrum. The EQE
spectrum reveals the fabrication of an InGaAsP solar cell with an
energy gap of 1.0 eV. The InGaAsP solar cell has a high open circuit

voltage of 0.49 V with a conversion efficiency of 7.0% without ARC,
which indicates that high quality InGaAsP solar cells can be
fabricated by using solid-source MBE.

An InGaP/GaAs tandem top cell is connected to the above-
mentioned InGaAsP bottom cell by using an advanced bonding
technique with Pd nanoparticle arrays. Fig. 6 shows the I–V char-
acteristics of the fabricated triple junction solar cell with the top
tandem and bottom cells, recorded under AM1.5 solar spectrum
illumination. The device parameters of each cell are also summarized
in Table 1. The excellent Voc of 2.66 V is nearly equal of the sum of
those of the top and bottom cells. A high conversion efficiency of
25.6% and a high fill factor of 0.791 are observed with the triple
junction cell. These results indicate the possibility of achieving high-
efficiency multijunction solar cells grown by solid-source MBE.
Moreover, these results suggest that our bonding method is highly
useful for heterogeneous cell combinations of multijunction solar
cells.

4. Conclusion

In conclusion, we have detailed the solid-source MBE growth
conditions for realizing high quality InGaAsP epitaxial films. The
photoluminescence measurements indicate that the InGaAsP com-
position is very sensitive to changes in the As2 pressure. We need
precise control of the group-V fluxes to obtain high quality InGaAsP
films. A growth temperature of 400 1C is suitable for high quality
InGaAsP epitaxial growth. The InGaAsP bottom cell has an efficiency
of 7.0% with a high Voc of 0.49 V. The InGaAsP solar cell is used as
the bottom cell of InGaP/GaAs/InGaAsP triple junction solar cells
fabricated using Pd nanoparticle arrays. A fabricated triple junction
solar cell has a high efficiency of 25.6% with a high Voc of 2.66 V,
which indicates that solid-source MBE offers the possibility of

Fig. 4. PL spectra of InGaAsP epitaxial layers with a growth thickness of 500 nm
measured at room temperature. The growth temperaturewas varied from 380 to 420 1C.

Fig. 5. I–V curve of an InGaAsP solar cell grown at 400 1C with the inset showing its
EQE spectrum.
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Table 1
The device parameters of a triple junction solar cell with its bottom and top cells.

Isc (mA/cm2) Voc (V) F.F. η (%)

3J SC 12.1 2.66 0.791 25.6
Bottom 24.0 0.49 0.595 7.0
Top cell 12.1 2.20 0.794 21.1
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growing high quality multijunction solar cells that include phos-
phorus based materials such as InGaP and InGaAsP.
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a b s t r a c t

We investigate the effect of the recombination current of p–i–n junction solar-cells. We develop a simple
evaluation method of the recombination and diffusion current component of the solar-cells based on the
measured three characteristic values: short circuit current, open circuit voltage, and fill factor without the
knowledge in the details of the device structure. The advantage of the developed technique is its simplicity
and wide applicability to various p–i–n junction solar-cells. We apply the method to GaAs bulk and AlGaAs/
GaAs superlattice solar-cells. Obtained parameters well reproduce the whole current-voltage character-
istics. The diode current is almost dominated by the recombination current at the maximum-output
voltage for both GaAs bulk and superlattice cells. The higher contribution of the recombination current in
the superlattice solar-cell is due to the quality of the AlGaAs barriers and the AlGaAs/GaAs interfaces. This
result indicates that the good crystalline quality is important to enhance the efficiency of the solar-cells.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Recently, needs for solar-cells are more and more increasing
[1–3]. High absorbance is one of the key issues to enhance the
efficiency especially for thin film sorlar-cells [4]. Superlattices (SLs)
are attractive materials for the active layer of such thin film solar-
cells because of their higher photo-absorbance due to the quan-
tum confinement and excitonic enhancement effect [5–8].In
addition to the good optical properties, transport characteristics
are also important for the high device performance. The recombi-
nation current due to deep trapping centers [9,10] is one of the
critical factors, which degrade the efficiency [11], since p–i–n
junction solar-cells have wide depletion layer and are operated
at low injection condition as diodes. It is less significant for light
emitting devices such as light emitting diodes and laser diodes
because these devices are usually operated at high injection
conditions. The diffusion current overcomes the recombination
current and becomes dominant component at higher bias voltages.
Compared with the ideal case, in which the current is determined
by diffusion process, the recombination component decreases the
fill factor due to the slow increase with the bias. Its mid-gap nature
prevents the photon recycling process. Furthermore, temperature
stability is lower because of the 2kT factor. The origin of the
recombination centers is defects formed during the crystal growth

and device processing. It directly reflects the crystalline quality
and interface imperfection. The effect is more important for SL
solar-cells, which contain AlGaAs alloy and AlGaAs/GaAs hetero-
interfaces in the active layer. Therefore, an evaluation method of
the recombination current applicable to the actual solar-cells are
desirable for possible feed-back to the fabrication processes.

In this paper, we discuss the recombination current of the p–i–n
junction solar-cells. We have developed a simple method to obtain the
recombination component of the fabricated devices based on the
measured current-voltage (I–V) characteristic of the solar-cells. Our
approach is to separate the diffusion and the recombination current
components from measured solar-cell characteristic values: short
circuit current density Jsc, open circuit voltage Voc, and fill factor FF.
These three values are the most important properties directly
extracted from the I–V measurement. Since these values are reported
in the literatures together with the efficiency [12], our method is
widely applicable to various solar-cells without knowing the precise
device structure. After the theoretical formulation in Section 2 and
experimental procedure in Section 3, we discuss the analyses on the
p–i–n junction solar-cells consisting of GaAs bulk and AlGaAs/GaAs SL
active layers grown by molecular beam epitaxy (MBE) in Section 4.

2. Theoretical

The equivalent circuit [13] of the solar-cell taking the diffusion
(n¼1) and recombination (n¼2) current into account is depicted in
Fig. 1(a). Diffusion (D1) and recombination (D2) current components
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are separately described as diodes connected parallel to the current
source, which represents the photo-generated current under illumi-
nation. Shunt conductance and series resistance are expressed by Gsh

and Rsr, respectively. To simplify the model and reducing the
parameters, we assume that the shunt conductance and series
resistance are negligibly small. The assumption is reasonable since
the shunt current is much lower than the photo-generated current
and the voltage drop due to the series resistance becomes prominent
in much higher injection conditions. In this case, the solar-cell
current density is expressed as

JðVÞ ¼ tsJSunðE4EgÞ� J1ðeqV=kT �1Þ� J2ðeqV=2kT �1Þ; ð1Þ
where ts is the absorbance of the illumination light (here including
the reflection loss). JSun is the integrated incident photon flux above
the bandgap converted to current density by multiplying by elemen-
tary charge. J1 and J2 are the reverse saturation current density of the
diffusion and recombination component, respectively. Other symbols
have their usual meanings. The bandgap Eg of the active layer is
required to define JSun. Since the bandgap depends on the material
and the structure as well in superlattices, direct measurement or
numerical estimation is necessary. However, JSun is used only to find
ts from Jsc according to the relation

Jsc ¼ Jð0Þ ¼ tsJSunðE4EgÞ: ð2Þ
When ts is out of interest and Jsc is left as a resulting parameter,
preliminary device informations are not required. The parameters J1
and J2 can be solely determined by characteristic values obtained
from the I–V measurement. The advantage of our method is its
simplicity that enables the wide range of application. Simulations
often require the precise parameters, which specify the physical
properties of the materials and device structures. Some of them are
very difficult to estimate directly from the measurement on the
actual solar-cell devices although they strongly depend on the crystal
growth and device processing. On the other hand, three parameters,
ts, J1, and J2 are solely determined from measured Jsc, Voc, and FF, in
our approach.

Another model with ideality factor n is often used for evaluat-
ing the cell performance. From the point of view of the circuit, this
is equivalent to replace four components D1, D2, Gsh, and Rsr with
one ideal diode Dn parameterized by Jn and n, as shown in Fig. 1(b).
The current density is expressed as

JðVÞ ¼ tsJSunðE4EgÞ� JnðeqV=nkT �1Þ: ð3Þ
This simplification is useful because the diode operation is
described with single exponential term. Accordingly, the efficiency
and the other characteristic values can be analytically obtained in

closed form by using Lambert W function. However, it should be
noted that the parameters Jn and n are phenomenological and have
no physical interpretation. There are no simple relations between
parameters used in two models.

We employ a fitting technique to determine the parameters of
both models from the measured characteristics values. Actually,
this is equivalent to parameter transformation by numerically
solving the non-linear simultaneous equations because the num-
ber of both input and output parameters are the same. We use the
standard solar spectral irradiance (air mass 1.5 global tilt) based on
the observation [14].

3. Experimental

The solar-cell structures are grown by MBE. They are based on
the AlGaAs/GaAs p–i–n diode with a SL or GaAs bulk active layer.
On the n-type GaAs(001) substrate, 1 μm of Si-doped n-type GaAs
layer, 2-μm-thick undoped SL or GaAs active layer followed by 10-
nm-thick Be doped p-type Al0:5Ga0:5As window, and 5-nm-thick p-
type GaAs cap are sequentially grown to fabricate p–i–n diode
structure. The unit structure of the SL is 2-nm-thick Al0:5Ga0:5As
barrier and 5-nm-thick GaAs well. The doping concentration of Si
is 1� 1018 cm�3 and the concentration of Be is 1� 1018 cm�3 for
Al0:5Ga0:5As and 2� 1018 cm�3 for GaAs. We employ 10-nm-thick
window to avoid the possible absorption loss. Au–Ge–Ni and Au–
Zn are evaporated on back- and top-side of the sample respectively
and annealed to form ohmic electrodes for electric measurements.
For the details of the growth and device structures, refer to Ref. [8].
We measure I–V characteristics at room temperature under Air-
Mass 1.5, 100 mW/cm2 (one-sun) illumination.

4. Results and discussion

We evaluate the device with the GaAs bulk active layer. The
measured J–V characteristic is shown in Fig. 2. Experimentally obt-
ained characteristic values are Jsc ¼ 26:81 mA=cm�2, Voc ¼ 0:993 V
and FF¼83.12%. The resulting efficiency is 22.13%. We assume the
bandgap of GaAs at room temperature as 1.423 eV [15]. First we
analyze the cell properties by using the diffusion-recombination
model. Obtained parameters of ts ¼ 84%, J1 ¼ 2:1� 10�16 mA=cm2

and J2 ¼ 5:6� 10�8 mA=cm2 well reproduce the whole J–V curve,
without taking Gsh and Rsr into account, as shown in Fig. 2(a). The
saturation current density of the diffusion component J1 is within
reasonable range expected from the device structure. Therefore, we
consider the recombination component J2 is reliable. We separately
plot the diffusion and recombination components by using the
obtained parameters. It is clearly seen that the current is dominated
by the recombination component especially in the low bias region,
where the reverse injection current of the diode is much lower than
the short circuit current, as shown in Fig. 3. The ratio of the
recombination component is as high as 92% at the bias for maximum
output power (Vmax ¼ 0:870 V). Contribution from the diffusion
component increases with increasing the bias voltage due to the
steeper exponential characteristic. Even at the open circuit voltage,
however, the diffusion current is only 48%. Around the favorable
operating points, the recombination current determines the solar-cell
performance. This result clearly reveals that the reduction of the
recombination process in the active layer is important for high
efficiency. Since the thickness of the active layer is mainly determined
by the optical characteristics to fully absorb the incident light, it is
necessary to reduce the recombination rate by reducing the defect
density. High crystalline quality based on the growth is essential for
the higher solar-cell performance. Next, we apply the ideality factor
model to the same experimental data. The whole curve is well

Fig. 1. Equivalent circuit of the p–i–n junction solar-cell in (a) diffusion-recombi-
nation model and (b) ideality factor model.
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reproduced by Jn of 1:1� 10�9 mA=cm2 and n of 1.6. The result is
shown in Fig. 2(b). There is no significant difference between two
theoretical curves. However, physical interpretation of obtained para-
meters are unknown and no simple relations can be found between J1,
J2 and Jn, n. Quantitative evaluation of the recombination current is not
possible.

We perform the same analyses on the SL solar-cell. Measured
characteristic values are Jsc ¼ 23:60 mA=cm2, Voc ¼ 1:077 V and
FF¼82.57%. The efficiency is 20.98%, which is slightly lower than
that of the GaAs cell. We assume the bandgap of 1.519 eV, which is
numerically calculated from the SL structure. Because the bandgap is
wider than that of GaAs, lower Jsc and higher Voc are reasonable.
Fitted parameters of ts ¼ 83%, J1 ¼ 3:5� 10�18 mA=cm2, and
J2 ¼ 1:4� 10�8 mA=cm2 well reproduce the whole J–V curves, as
shown in Fig. 4(a). Obtained J1 roughly agree with the estimation

from the device design. Each component calculated from the
obtained parameters is plotted in Fig. 5. In nearly whole region, the
current is determined by the recombination process. At the voltage
for the maximum output ðVmax ¼ 0:930 VÞ, 98% of the current is
contribution from the recombination. It is still 76% at the open circuit
voltage. The higher contribution of the recombination current in the
SL cell may be attributed to the incorporation of Al and the hetero-
interface in the active region since the physical origin of the
recombination current is the deep defect centers. These results
clearly indicate that it is essential to grow SL active layers with high
purity and interface perfection. High crystalline quality is necessary
as well as optimized photo-absorption for further enhancement of

Fig. 2. Mesured (open circle) J–V characteristic of the GaAs bulk solar-cell is plotted
with fitted curve (solid line) obtained by (a) diffusion-recombination and
(b) ideality factor models.

Fig. 3. Recombination (thin solid line) and diffusion (thin dotted line) components
of the current of the GaAs bulk solar-cell are plotted with total (thick solid line)
current.

Fig. 4. Measured (open circle) J–V characteristic of the AlGaAs/GaAs SL solar-cell is
plotted with fitted curve (solid line) obtained by (a) diffusion-recombination and
(b) ideality factor models.

Fig. 5. Recombination (thin solid line) and diffusion (thin dotted line) components
of the current of the AlGaAs/GaAs SL solar-cell are plotted with total (thick solid
line) current.
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the efficiency of the solar-cells based on the AlGaAs/GaAs hetero-
structure p–i–n junctions.

The saturation current density of the recombination [13,9] is
expressed as

J2 ¼
qWD

τr
ni ¼

qWD

τr

ffiffiffiffiffiffiffiffiffiffiffi
NcNv

p
e�Eg=2kT ; ð4Þ

where WD is the depletion width (active layer thickness), τr is the
lifetime of the recombination. Nc and Nv are effective density of
states in conduction and valence band, respectively. We roughly
estimate the lifetime assuming the same effective density of states
of GaAs in both bulk and SL cells. The assumption is reasonable
because the SL used in the experiment forms the mini-band and
the density of states may be close to the three dimensional one.
The estimated lifetime is 1.2 μs for the GaAs and 0.76 μs for the SL.
The recombination in the AlGaAs/GaAs superlattice is about
1.5 times faster than that in the GaAs bulk. The slight increase in
the recombination rate may affect the current component through
the exponential term. Therefore, high crystalline quality is indeed
important for the solar-cell performance.

We note here that the performance of solar-cells should be
characterized by physical parameters. The recombination current
is directly related to the crystalline quality and gives the useful
information for the growth and device processing. When employ-
ing the numerical fitting, both diffusion-recombination and ide-
ality factor modes are very simple to treat. There is no advantage
to use phenomenological parametrization using n value. The fill
factor and open circuit voltage are the complicated functions of ts,
J1 and J2. Discussing the cell performance based only on Voc or FF
may lead to the misunderstanding of the physical background of
the characteristics. The diffusion-recombination model discussed
above is still applicable to devices with finite shunt conductance
and/or series resistance by including these values to the current
model as fitting parameters. In this case, we need to perform the
fitting to the whole measured J–V curve because the three input
characteristic values are not sufficient to determine all parameters.
Practically, the analysis is not complicated when the measured J–V
data are available.

5. Conclusion

We have developed the simple evaluation method of the
recombination current in solar-cells. The three characteristic
values, short circuit current, open circuit voltage, and fill factor
determine the diffusion and recombination current components.
Our approach is very simple and thus widely applicable to various
p–i–n junction solar-cells because the precise information about
the device structure and consisting materials are not necessary.
We apply the method to GaAs bulk and AlGaAs/GaAs SL solar-cells.
Obtained parameters well reproduce the whole J–V characteristics
in both cases. It is revealed that the diode current are almost

dominated by the recombination process at the maximum-output
voltage. The higher contribution of the recombination current in
the SL solar-cell is due to the quality of the AlGaAs barriers and the
AlGaAs/GaAs interfaces. The good crystalline quality is indeed
important for high efficiency solar-cells. Phenomenological ideal-
ity factor model also well reproduces the measured data. However,
physical interpretation is impossible and the relations between the
Jn, n and J1, J2 are not obvious.
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a b s t r a c t

In this paper, we report the effects of surface barrier layers on the characteristics of AlGaAs/GaAs solar
cells. The external quantum efficiency (EQE) spectra for AlGaAs barrier samples with different barrier
layer AlAs fractions and thickness of the surface barrier layer were measured to increase the solar cell
efficiency. The results show that the surface barrier layer is effective to block diffusing photoexcited
electrons to the surface while the thicker barrier layer absorbs higher energy photons to generate
carriers which recombine at the surface. The optimal surface barrier structure is a 50 nm thick
Al0.7Ga0.3As.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Solar cells have attracted attention as renewable energy for
these days [1–3]. Among these solar cells, thin-film solar cells are
required for cost reduction. The thin active layers, however, have
low light absorption, so high absorption coefficient is essential to
spread thin-film solar cells. Si has an indirect transition type
energy band structure, while GaAs has a direct transition type
energy band structure. GaAs absorption coefficient steeply goes up
from absorption edge and reaches to ten to the fifth power, so the
GaAs system is suitable for the thin-film solar cells. Moreover, the
GaAs has an optimum band-gap energy of around 1.4 eV which
gives the maximum efficiency of single junction solar cells which
is called the Shockley–Queissor limit [4]. In order to exceed the
limit, various ideas are produced such as intermediate band
structures [5,6] and multi p–n junction systems [7,8]. Compound
semiconductor solar cells suffer from considerable surface recom-
bination. Recently it has been shown that a barrier layer in the
surface region is effective to block diffusing electrons toward the
surface region and thus improve the solar cell efficiency [9]. In this
paper, we report the effects of surface barrier layers on the
characteristics of AlGaAs/GaAs solar cells.

There are two major recombination processes. One is a recom-
bination in the absorption layer. The other is surface recombina-
tion. These should be reduced because these are taken as loss of
photoexcited carriers. In order to reduce them, it is necessary to
grow high quality layers and give careful attention to aluminum
purifying and growth rate. It is desirable that the aluminum cell is

baked for an hour before every growth and that the growth rate is
lower than 1.5 ML/s. It is also necessary to insert potential barriers
in order to reduce the diffusion to the surface. Fig. 1 shows a
schematic band structure of the AlGaAs/GaAs p–i–n diode solar
cell made in this study. The large arrows show carrier flows which
are attributed to drift currents due to the internal electric field.
Photocurrent extracted from solar cells mainly consists of these
drift currents. The small arrows show carrier flows which are
attributed to diffusion currents. They flow in the reverse direction
to the drift currents. Therefore, the diffusion currents become loss
for solar cells, so they should be reduced in order to realize high
efficiency solar cells. In this structure, the diffusion currents are
blocked by these barriers to reduce surface recombination.

In this study, we investigate the effects of surface barrier layer
in AlGaAs/GaAs p–i–n diode solar cells using the EQE spectra and
solar cell characteristics. The results obtained in this study
demonstrate the importance of surface barrier conditions to
improve solar cell efficiency.

2. Experimental procedure

AlGaAs/GaAs solar cell structures with different AlAs fractions
(x) are grown at 630 1C by MBE. First, a 2 μm thick n-type GaAs
layer, a 100 nm thick n-type AlGaAs barrier layer, a 2.2 μm thick p–
i–n GaAs layer followed by a p-type AlGaAs barrier layer and a
5 nm thick p-type GaAs cap were sequentially grown on an n-type
GaAs(001) substrate. Fig. 2 shows a schematic device structure of
the AlGaAs/GaAs solar cell. Since photoabsorption strongly
depends on surface layers, a backside barrier thickness was fixed
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and surface barrier thickness and AlAs fraction were changed in
this study. The AlAs fraction with surface and backside barrier
layer was changed from 0 to 0.7. The doping concentration of Si is
1018 cm�3 and that of Be is 1019 cm�3.

Next, the x value is fixed at 0.7 and surface barrier layer
thickness was changed from 0 to 100 nm. EQE values were
measured using photocurrents and current–voltage characteristics

at 25 1C with solar radiation of an air-mass1.5 spectrum at
100 mW/cm2.

3. Results and discussion

Fig. 3 compares the EQE spectra for the 10 nm surface barrier
samples with different AlAs fractions; x¼0, 0.3, 0.5, 0.7. Without
surface barrier layer, the EQE value drops steeply at higher photon
energies. This is caused by intense electrons diffusion to the
surface. So the surface barrier layer effectively increases the EQE
value especially at higher photon energies. The three arrows in
Fig. 3 indicate the band gap energies of the surface barrier layer.
This result indicates that the EQE value starts to decrease beyond
the band gap of the surface barrier layer. For x¼0.7, the EQE value
starts to decrease beyond the indirect band gap of the surface
barrier layer (around 2.0 eV) and decreases more steeply beyond
the direct band gap. Table 1 shows solar cell characteristics for the
10 nm barrier samples with different AlAs fractions. It shows that
the solar cell characteristics are improved as the barrier layer AlAs
fraction increases. The barrier layer AlAs fraction increase causes
high Jsc and Voc although no systematic change is observed in the
FF values. The highest solar cell efficiency is obtained for the
samples with x40.5.

Fig. 1. Schematic band structure of the AlGaAs/GaAs, p–i–n diode solar cell.

p+-GaAs

5nm

p+-AlGaAs barrier

p+-GaAs

100nm

i-GaAs undoped

2μm

n+-GaAs

100nm

n+-AlGaAs barrier

100nm

n+-GaAs

2μm

Substrate

GaAs n-type

Fig. 2. Schematic layer structure of the AlGaAs/GaAs solar cell.

Fig. 3. EQE spectra for the 10 nm barrier samples, with different AlAs fractions.

Table 1
Solar cell characteristics for the 10 nm barrier samples, with different AlAs
fractions.

x 0 0.3 0.5 0.7

Solar cell efficiency [%] 11.1 14.6 14.9 14.9
Fill factor [%] 81.7 74.9 75.5 73.9
Jsc [mA/cm2] 15.1 22.7 22.1 22.6
Voc [V] 0.901 0.858 0.897 0.894

Fig. 4. EQE spectra for Al0.7Ga0.3As barrier samples, with different surface barrier
layer thicknesses.
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Fig. 4 compares the EQE spectra for Al0.7Ga0.3As barrier samples
with different surface barrier layer thicknesses. The EQE value is
enhanced at lower photon energies for the samples with a surface
barrier layer. This result shows that the barrier layer effectively
blocks the diffusion of photoexcited electrons to the surface.
However, the EQE drops gradually at higher photon energies. This
implies that the barrier layer absorbs higher energy photons to
generate carriers which recombine at the surface. Table 2 shows
solar cell characteristics for Al0.7Ga0.3As barrier samples with
different barrier layer thicknesses. Among the present experi-
ments, the highest Jsc and Voc are obtained at the barrier layer
thickness of 50 nm. When the thickness is further increased to
100 nm, Jsc and Voc decrease. These results show that the opti-
mized barrier layer thickness is 50 nm.

In the experiment so far, we focused the effects of the surface
barrier on the diffusion current. Finally, we investigate the carrier
trapping effect at the interface between GaAs and the barrier layer.
Fig. 5 compares the EQE spectra for 50 nm thick Al0.7Ga0.3As
barrier samples with different reverse bias voltages. If the carrier
trapping centers exist at the interface, the EQE value with the
reverse bias voltage would be enhanced. However, the EQE spectra
are independent of the reverse bias voltage as shown in Fig. 5, so
no carriers are trapped at the interface between GaAs and the
barrier layer.

4. Conclusions

In conclusion, the effects of surface barrier layer in AlGaAs/
GaAs solar cells have been investigated by changing the AlAs
fraction and the surface barrier layer thickness. The EQE spectra
and solar cell characteristics for the samples with a surface barrier
and no surface barrier reveal that the surface barrier is effective to
block the diffusion of photoexcited electrons to the surface. As a
result, the solar cell efficiency was improved from 11.1% to 18.3%.
However, a thicker surface barrier layer causes absorption of
higher energy photons. In this study, these results indicate that
the optimized barrier is a 50 nm thick Al0.7Ga0.3As.
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Table 2
Solar cell characteristics for Al0.7Ga0.3As barrier samples, with different surface
barrier layer thicknesses.

d [nm] 0 10 50 100

Solar cell efficiency [%] 11.1 15.0 18.3 17.7
Fill factor [%] 81.7 88.6 80.8 81.2
Jsc [mA/cm2] 15.1 20.8 23.7 23.2
Voc [V] 0.901 0.913 0.954 0.939

Fig. 5. EQE spectra for 50 nm thick Al0.7Ga0.3As barrier samples, with different
reverse bias voltages.
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a b s t r a c t

The effect of excitons in AlxGa1�xAs/GaAs superlattice solar cells has been investigated. We have shown
that the superlattice active layers are effective to improve the solar cell performances because of the
exciton enhanced photo-absorption. External quantum efficiency spectra show sharp and intense
increase at the absorption edge due to excitonic absorption. This result indicates that excitonic photo-
absorption can be stabilized at room temperature by using a superlattice structure. Optical properties of
superlattice solar cells depend on the superlattice parameters because they determine the excitonic
confinement effect, the tunneling effect and the sub-band structure. In this study, we compare external
quantum efficiency for solar cells with different superlattice parameters to optimize the structure. The
optimal barrier layer thickness is determined to be 1 nm for the Al0.5Ga0.5As/GaAs superlattice solar cell
with 2-μm-thick active layer.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In recent years, demands for solar cells have considerably incr-
eased as a renewable energy source. However, further improvement
in efficiency, fabrication cost and lifetime are inevitable to make
them a practical power source [1,2,3]. While thinning the solar cells
is advantageous for cost reduction, the photo-absorption efficiency
drops at the same time, resulting in a decrease in solar cell efficiency.
Thus, highly absorptive thin absorption layers are needed for thin
film solar cells to keep the original efficiency. As one of the methods
to enhance the absorption of thin films, we focus on the effect of
excitons in solar cells.

In order to enhance the photo-absorption by excitonic transi-
tion at room temperature, materials with high exciton binding
energy are desirable. However, semiconductor materials with high
excitonic binding energy are generally wide-bandgap semiconduc-
tors, like GaN and ZnO, whose excitonic binding energies are as
high as of 30 meV and 60 meV. Therefore, their bandgap energies
do not match well with the solar power spectrum. Even in the
semiconductor materials with low excitonic binding energies, the
excitonic absorption can be enhanced considerably by construct-
ing superlattices (SLs) [4,5]. The AlxGa1�xAs/GaAs system is one of
the candidates, since it has direct bandgap around 1.4 eV, which is
optimized bandgap predicted by Schockley–Queissor approach [6].
The layer structure of solar cells with this system can also be
precisely controlled by moleculer beam epitaxy (MBE). Although

the excitonic binding energies of approximately 4–8 meV in GaAs
are much smaller than the thermal energy at room temperature
[7], efficient photo-absorption by excitonic transition can be
obtained even at room temperature in solar cells by the confine-
ment structure of SL [8–10]. We have found that the characteristics
of SL solar cells strongly depend on the design of the consisting
SL layers, so it is necessary to optimize the SL parameters for
solar cells.

In this paper, we discuss the optical properties of solar cells
with different AlxGa1�xAs/GaAs SL parameters. The overall effi-
ciency and external quantum efficiency (EQE) spectra are found to
be less sensitive to the Al content x and well width of SL. So the
value x of AlxGa1�xAs barrier is fixed at 0.5, while the thickness of
GaAs well is kept constant at 5 nm for all the experiment. On the
other hand, optical properties strongly depend on barrier thick-
ness, since the Al0.5Ga0.5As barrier thickness mainly determines
excitonic confinement effect, tunneling effect and the sub-band
structure. The EQE is also found to be sensitive to the total
thickness of SL. From these facts, Al0.5Ga0.5As barrier layer thick-
ness and total SL layer thickness are varied in the SL solar cells in
this experiment. The EQE spectra thus obtained are compared to
optimize the SL parameters.

2. Experimental procedure

We grew p–i–n junction solar cells with Al0.5Ga0.5As/GaAs SL
active layer by MBE on n-type (001) GaAs substrates at 600 1C. These
solar cells consist of a 1-μm-thick Si-doped n-type GaAs buffer layer,
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a 100-nm-thick Si-doped n-type Al0.5Ga0.5As layer, a 1- or 2 μm-thick
Al0.5Ga0.5As/GaAs SL absorption layer, a 10-nm-thick Be-doped
p-type Al0.5Ga0.5As surface barrier layer and a 5-nm-thick Be-doped
p-type GaAs cap layer successively grown on n-type (001) GaAs
substrates. The thickness of GaAs well in the SL active layer is fixed
at 5 nm, while the thickness of Al0.5Ga0.5As barrier is varied bet-
ween 0.5 nm and 3 nm. The Si and Be doping concentrations
are 8�1018 cm�3 and 2�1019 cm�3, respectively. Au–Ge–Ni and
Au–Zn electrodes were evaporated on back and surface sides,
respectively. The samples were annealed at 350 1C for 1 min to form
ohmic contacts. Fig. 1 shows a schematic layer structure of the
SL solar cell. We measured EQE at room temperature in short circuit
conditions to evaluate the solar cell performance.

3. Results and discussion

Fig. 2(a) and (b) shows the EQE spectra of the solar cell with the
1-mm-thick active layer measured at room temperature. The steep
rise at the absorption edge around 1.5 eV clearly indicates the
beginning of excitonic absorption. The decrease of EQE in the
higher energy region is probably caused by the surface reflection.
A distinct dip appears around 1.7 eV in the spectrum of the solar
cell with 2-nm-thick barrier as shown in Fig. 2(a).

To investigate the origin of this dip, we performed theoretical
calculation on the active layer thickness dependence of the absorp-
tion rate. Fig. 3(a) and (b) shows absorption rates as function
of photon energy (horizontal axis) and SL active layer thickness
(vertical axis). Equi-absorption rate lines are indicated in the figure
by 5% step. In these calculations, the absorption by excitonic
transition is also taken into account. In Fig. 3(a) distinct low
absorption region appears around 1.7 eV, which has been attributed
to the energy gap between the first and the second sub-band
transition. According to the calculated results for 1-mm-thick SL
layer, the absorption rate around 1.7 eV is less than 75% when the
barrier layer thickness is 2 nm, while for the 1 nm barrier layer cell it
is more than 80%. This slight difference in the absorption rate may
cause the experimental results shown in Fig. 2 where more distinct
dip in EQE is observed for the SL solar cell with 2-nm-thick barrier
layer, than that with 1-nm-thick barrier layer. Thus, the dip in EQE
shown in Fig. 2 is caused by the energy gap between the first and
the second sub-band transition. This difference in the gap is
observed more clearly in the 2-mm-thick SL active layer solar cells.
That is, the low absorbance region around 1.7 eV disappears com-
pletely for the 2-μm-thick SL active layer with the barrier layer
thickness of 1 nm. Therefore, the 2-μm-thick SL active layer with
1-nm-thick barrier is more preferable for high efficiency solar cells.

The calculated results in Fig. 3 predict that the low absorption
region around 1.7 eV disappears when the SL absorption layer
thickness exceeds approximately 2.4 mm for the 2-nm-thick barrier
solar cell. They also suggest that, for the 2-μm-thick SL layer cell, the
low absorption rate region near 1.7 eV completely disappears for the
1-nm-thick barrier solar cell. Since the low absorption region near
1.7 eV still remains for 2-nm-thick barrier layer cell, there could be a
large difference in EQE spectra between 1- and 2-nm-thick barrier
solar cells with a 2-μm-thick SL absorption layer.

p-GaAs cap 5 nm

p-Al0.5Ga0.5As surface barrier 10 nm

p-Al0.5Ga0.5As/GaAs SL 0.25 or 0.5 μm

i-Al0.5Ga0.5As/GaAs SL 0.5 or 1 μm

n-Al0.5Ga0.5As/GaAs SL 0.25 or 0.5 μm

n-Al0.5Ga0.5As barrier 100 nm

n-GaAs buffer 1 μm

n-GaAs (001) sub.

SL active layers consist of

5 nm GaAs and 0.5, 1 , 2 or 3 nm AlGaAs.

Total thickness is 1 or 2 μm.

Au-Ge-Ni backside contact

Au-Zn surface contact

Si : 8×1018 cm-3

Be : 2×1019 cm-3

Fig. 1. Schematic layer structure of the SL solar cell grown on an n-type (001) GaAs substrate by MBE.
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Fig. 2. The EQE spectra measured at room temperature of the solar cells for 1-mm-
thick active layer with (a) 2-nm-thick and (b) 1-nm-thick barrier layers.
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To verify theoretical predictions, SL solar cells with a 2-μm-
thick active layer were grown. Fig. 4(a) and (b) shows EQE spectra
of the solar cells with the 2-mm-thick active layer. As expected, a
dip around 1.7 eV is also observed in the measured spectrum for
the 2-nm-thick barrier as shown in Fig. 4(a). This dip indicates
insufficient absorption even for the 2-mm-thick absorption layer
when the barrier layer thickness is 2 nm. The spectrum of 1-nm-
thick barrier solar cell shows no clear dip as shown in Fig. 4(b).

To investigate the barrier thickness influence on the EQE in
detail, SL solar cells with various Al0.5Ga0.5As barrier thicknesses
are also grown. The SL active layer thickness is fixed at 2 mm, while
the barrier layer thicknesses are varied between 0.5 nm and 3 nm.
Fig. 5 compares the measured EQE spectra of different barrier
thickness cells. The gradual shifts of absorption edge are observed
because the effective bandgap depends on the Al0.5Ga0.5As barrier
thickness. The spectrum of 3-nm-thick barrier solar cell also shows
a clear dip around 1.7 eV. On the other hand, the steep absorption
edge disappears in the thinnest 0.5-nm-thick barrier solar cell,
which is often observed in a bulk material. From these results in
Fig. 5, the optimal SL barrier thickness is 1 nm.

4. Conclusion

We have investigated the effect of excitons in Al0.5Ga0.5As/GaAs
SL solar cells to increase the photo-absorption. The optical char-
acteristics of the SL strongly depend on the design of the SL
structure, so the SL structure for solar cells has been optimized. In
this paper, we have changed Al0.5Ga0.5As barrier thickness in the
SL and total thickness of the active layer, while the GaAs well
width is fixed at 5 nm. A dip around 1.7 eV is observed in the EQE
spectra for the SL solar cells with 2- and 3-nm-thick barrier layers.
The origin of this dip is related to the energy gap between the first
and the second sub-band transition. The measured EQE spectra of
the thinner barrier solar cells show no clear dip as expected from

Fig. 3. Simulated absorption rate of the SLs with (a) 2-nm-thick and (b) 1-nm-thick barrier layers. The absorption rate is shown in 5% step.
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Fig. 4. The measured EQE spectra of the solar cells for 2-mm-thick active layer with
(a) 2-nm-thick and (b) 1-nm-thick barrier layers.
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the theoretical calculation. A high intensity uniform spectrum
without the dip is preferable for a high absorption rate, that is,
high solar cell efficiency. However, the steep absorption edge
disappears in the thinnest 0.5-nm-thick barrier solar cell. Con-
sidering these results, the optimal structure is the solar cell with
the 2-μm-thick SL active layer consisting of 1-nm-thick barrier.
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Effects of continuously graded or step-graded InxAl1�xAs buffer
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a b s t r a c t

InP-based high indium content In0.83Ga0.17As photodetector structures with lattice mismatch up to 2.1%
have been grown by gas source molecular beam epitaxy system. The photodetectors using continuously
graded and step-graded InxAl1�xAs buffer structures were grown and demonstrated. The effects of the
buffer scheme were investigated by the measurements of atomic force microscopy, high-resolution X-ray
diffraction, photoluminescence and device performance. Results show that the full relaxation of the
photodetector structure has been achieved by using continuously graded InAlAs buffer. Superior optical
properties and lower dark currents can be reached for the photodetector structure with continuously
graded buffer layer.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

There are great needs for the infrared photodetectors (PDs) cov-
ering 1–3 μm short wave infrared range, due to their very important
applications in spatial remote sensing, earth observation, night
vision, etc [1–3]. Among varieties of PDs in this band, InGaAs
detectors are widely used. The In0.53Ga0.47As PDs lattice matched to
InP substrate with cut-off wavelength of about 1.7 μm have beenwell
investigated mainly for the fiber communication applications. To
extend the cut-off wavelength of the InGaAs PDs from 1.7 μm to
2.6 μm, the indium fraction of InGaAs should be increased from 0.53
to 0.83, which introduces a quite large lattice mismatch of about
þ2.1% between the InGaAs absorption layer and the InP substrate.
Once the highly lattice mismatched InGaAs layers are directly grown
on InP substrates, poor material with high threading dislocation
density will be induced. Therefore a suitable buffer layer between the
In0.83Ga0.17As absorption layer and InP substrate is needed to prevent
the propagation of threading dislocations and improve the material
quality. So far many material systems have been demonstrated for
the buffer layers of high indium InGaAs materials, such as InGaAs [4–
6], AlGaInAs [7], InAlAs [8,9] and InAsP [10–12]. Among them, InAlAs
buffers own the wider bandgap than InGaAs in the case of the same
indium composition, thus are suitable for the back illumination PD
structure. Besides, the composition control of group III elements is
very convenient by molecular beam epitaxy. On the other hand,

several kinds of buffer schemes have been used to improve the
quality of metamorphic materials, such as step-graded [8,12,13],
superlattice [14] and continuously graded buffers [4,15,16]. Compar-
ing with the superlattice, continuously graded and step-graded
buffers are more convenient from the view point of growth technol-
ogy. However, the investigation of the different behaviors of con-
tinuously graded and step-graded buffers is still insufficient. In this
work, In0.83Ga0.17As PDs with cut-off wavelength of 2.6 μm were
grown on InP substrate by gas source molecular beam epitaxy
(GSMBE). Through a comprehensive comparison, the effects of
continuously graded and step-graded InAlAs buffers on both the
material and device properties of the PDs were investigated.

2. Experimental details

The samples were grown on (001)-oriented InP epi-ready sub-
strates by using a VG Semicon V80H GSMBE system. The elements
indium, gallium and aluminum were used as group III sources, and
their fluxes were temperature controlled. Arsine and phosphine
high-pressure cracking cells were used as group V sources. Their
fluxes were controlled by adjusting the pressure. The cracking
temperature was around 1000 1C, measured by thermocouple. Stan-
dard beryllium and silicon effusion cells were used as p-type and
n-type doping sources, and the doping levels were also controlled
by changing the temperatures. The lowest background pressure of
this GSMBE system is less than 10�10 Torr, while the pressure duri-
ng growth is typically in the 10�5 Torr range. The surface oxide
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desorption of the InP substrate was carried out under P2 flux at
substrate temperature around 530 1C [17,18].

Two PD structures with indium content of about 0.83 in the
InGaAs absorption layer were grown for the cut-off wavelength
around 2.6 μm. In the growth, a 0.2 μm Nþ doped InP buffer layer
was initially deposited to generate a smooth surface. After that, a
0.1 μmNþ doped In0.52Al0.48As (lattice matched to InP) buffer layer
was grown for both samples. Then a 1.9 μm Nþ continuously
graded and step-graded InxAl1�xAs buffer layer was grown for
samples A and B, respectively. The indium composition was
continuously graded from 0.52 to 0.83 in the InAlAs buffer of
sample A. In sample B, four 0.475 μm InAlAs layers with step-
graded indium compositions of 0.60, 0.68, 0.76 and 0.83 were
grown. The thickness of the whole buffer layers is 1.9 μm, which is
the same as that of sample A. After the growth of InAlAs buffer
layers, a 1.5 μm N� In0.83Ga0.17As absorption layer and a 0.6 μm Pþ

In0.83Al0.17As cap layer were grown for both samples A and B. The
growth rates of all the layers were around 1 μmh�1.

After growth, the morphologies of the grown samples were
observed using an atomic force microscope (AFM). The X-ray
diffraction scan curves and reciprocal space mapping (RSM) were
measured using a Philips X'pert MRD high resolution X-ray
diffractometer (HRXRD) equipped with a four-crystal Ge (220)
monochromator. The photoluminescence (PL) spectra were mea-
sured using a Nicolet Megna 860 Fourier transform infrared (FTIR)
spectrometer, in which a liquid-nitrogen cooled InSb detector and
CaF2 beam splitter were used. A diode-pumped solid-state (DPSS)
laser with the wavelength of 532 nm was used as the excitation
source. The wafers were also processed into mesa-type PDs. The
mesas were defined by using photolithography, and then passi-
vated by Si3N4 using plasma enhanced chemical vapor deposition
(PECVD). After sputtering the contact metals and an alloy step, the
wafers were diced into chips. A HP4156A semiconductor analyzer
was used to perform the dark current measurements.

3. Results and discussions

Fig. 1 shows the AFM images with 20�20 μm2 scan area mea-
sured in a contact mode. Both of the samples exhibit a cross-
hatching pattern surface, which is associated with the two types
of misfit dislocations oriented along the [110] and [110] direc-
tions, corresponding to the group V and III atom-based cores,
respectively [19]. The AFM measurements reveal that the root-

mean-square (RMS) roughness for sample B is 7.3 nm, lower than
that of 10.3 nm for sample A. Nevertheless, the differences of
morphologies for these samples are unobvious and thus inade-
quate to judge the quality of the samples and further evaluations
are needed.

To determine the structural properties of the grown wafers,
X-ray diffraction measurements were implemented. Fig. 2 shows
the typical HRXRD ω–2θ scan curves in the (004) direction and
Table 1 lists the extracted results. Two main peaks can be observed
in each scan curve, where the relatively narrower peak corresponds
to the InP substrate and the broader peak corresponds to the
In0.83Ga0.17As absorption and In0.83Al0.17As cap layers. The signals
from these two layers with almost the same indium content are
merged together. The full width at half maximum (FWHM) of the
scan curves for samples A and B is 869 s and 902 s, respectively. It
suggests the slightly degraded crystalline quality of the step-graded
buffer, which is consistent with the results of for InGaAs graded
buffers [20]. From the estimation of full relaxation, the indium
content of the epitaxy layers is around 0.80 and 0.82 for samples A
and B, respectively. To further understand the strain relaxation
mechanism, it is necessary to perform RSM measurements

The relaxation states and residual strains of the samples were
investigated by the RSM measurements with both symmetric
(004) and asymmetric (224) reflections as shown in Fig. 3, wh-
ere the intensities are in the logarithmic scale. The vertical and
horizontal axes represent the reciprocal lattice in the [001]
(qy) and [110] (qx) directions. In all of the mapping figures, the

Fig. 1. Contact mode AFM images of (a) sample A and (b) sample B with 20�20 μm2 scan area.
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Fig. 2. (004) ω–2θ scan curves of sample A and B.
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relatively narrow and circular peaks correspond to InP substrate
(denoted as S). The diffraction features from individual epitaxy
layers are distinguished in the RSMs. For the epitaxy layer signals,
the graded buffer layers can be observed in the qy direction for
both of the samples. The two epitaxy layer peaks with relatively
strong intensities correspond to the In0.83Ga0.17As absorption layer
(denoted as L1) and In0.83Al0.17As cap layer (denoted as L2),
respectively. They are elliptical with a larger diffused scattering
perpendicular to the normal line due to the existence of disloca-
tions. L1 and L2 were assigned by measuring the HRXRD curves in
the same directions before and after the etching of the In0.83A-
l0.17As cap layer. The layer peak was shifted towards the substrate
side after the etching. In the (004) RSMs of the samples, the
position of maximum diffraction intensity for each epitaxial layer
is almost centered along the vertical line drawn through the
substrate's reciprocal lattice point (RLP), indicating a small lattice

tilt with respect to the substrate. For the asymmetric (224)
reflections, the full relaxation and full pseudomorphic lines with
respect to the substrate were drawn for reference. The glancing
incidence was used, and the intensities of substrate peaks are
weaker than those of layer peaks due to the thick epilayers. For
sample A, the center of the layer contours indicate that the
material is almost fully relaxed, on the other side, the center of
layer contours is below the full relaxation line, which suggests that
the epitaxy layers are not relaxed sufficiently. The indium content
in the InGaAs absorption layers of sample A and B are 0.806 and
0.805, respectively, as listed in Table 2. The residual strain is
1.07�10�3 for sample A and �0.55�10�3 for sample B, corre-
sponding to the relaxation degrees of 105.4% and 96.8%. The
epitaxy layer of sample A with continuously graded buffer is fully
relaxed regardless of the experimental error.

The optical quality of the epilayers, which is correlated with the
performance of the optoelectronic device in a more straightfor-
ward way, is evaluated using PL measurements, and the results are
shown in Fig. 4, noticing that the water absorption bands have
affected the PL signals in the wavelength range of 2.5–2.8 μm at
300 K. Two PL peaks can be observed for each sample. The
stronger one with the longer wavelength at around 2.53 μm
corresponds to the InGaAs absorption layer, and the weaker one
centering at 1.7 μm corresponds to the InAlAs cap layer. The
wavelength of sample B is slightly shorter than that of sample A

Table 1
Results from XRD measurements of (004) ω–2θ scan curves.

Sample L-intensity
(a.u.)

L-FWHM
(arcsec)

Relaxed indium
content

Relaxed
mismatch (%)

A 5341 869 0.80 1.83
B 5424 902 0.82 1.97
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due to the relatively larger residual strain of sample B. It can be
seen that by using continuously graded InAlAs buffer layer, the PL
intensity of sample A is about doubled comparing to that of
sample B. It suggests the larger number of non-radiative recombi-
nation centers in the InGaAs absorption layer of sample B.

To confirm the quality of the wafers, the response spectra and
dark currents of the PDs were measured for the mesa-type devices
with 200 μm diameter. The inset of Fig. 5 shows the response
spectra of the PDs at room temperature and zero bias, where the
water vapor absorption bands around 1.9 μm and 1.4 μm could be
clearly seen. The 50% cut-off wavelengths of these two samples are
almost the same at about 2.57 μm. In the measured spectra,
sample A shows a much larger response than that of sample B.
Fig. 5 shows the dark current versus the reverse bias voltage at
room temperature for the two samples. At a reverse bias of
VR¼10 mV, the dark currents are 259 nA (8.25�10�4 A/cm2)
and 473 nA (1.51�10�3 A/cm2) for samples A and B, respe-
ctively. The larger response and lower dark current of sample A
is consistent with its superior structural and PL properties.

Comparing to sample B, sample A with continuously graded InAlAs
buffer layer shows improved device performance.

4. Conclusion

In0.83Ga0.17As PD structures with continuously graded and step-
graded InAlAs buffer layers have been grown on InP substrates by
GSMBE. X-ray diffraction measurements show that the continu-
ously graded InAlAs buffer is effective to lead to the full relaxation
of epitaxy layers. Superior optical properties are revealed by the PL
measurements. For the PDs with 200 μm mesa diameter, the dark
currents at reverse bias of 10 mV are 259 nA (8.25�10�4 A/cm2)
and 473 nA (1.51�10�3 A/cm2) at room temperature for samples
A and B, respectively. The optical response is increased for the PD
with continuously graded buffer and the cut-off wavelengths of
the two devices are both around 2.57 μm. It can be concluded that
the PD applying continuously graded InAlAs buffer shows superior
performances than that using step-graded InAlAs buffer.
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a b s t r a c t

Beam monitoring in synchrotron radiation or free electron laser facilities is extremely important for
calibration and diagnostic issues. Here we propose an in-situ detector showing fast response and
homogeneity for both diagnostics and calibration purposes. The devices are based on In0.75Ga0.25As/
In0.75Al0.25As QWs, which offer several advantages due to their direct, low-energy band gap and high
electron mobility at room temperature. A pixelation structure with 4 quadrants was developed on the
back surface of the device, in order to fit commercially available readout chips.

The QW devices have been tested with collimated monochromatic X-ray beams from synchrotron
radiation. A rise in the current noise with positive bias was observed, which could be due to deep traps
for hole carriers. Therefore, an optimized negative bias was chosen to minimize dark currents and noise.
A decrease in charge collection efficiency was experienced as the beam penetrates into deeper layers,
where a dislocation network is present. The prototype samples showed that individual currents obtained
from each quadrant allow the position of the beam to be monitored for all the utilized energies. These
detectors have a potential to estimate the position of the beam with a precision of about 10 mm.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In modern synchrotron radiation (SR) and free electron lasers
(FEL), developed as light sources for scientific and technological
applications, simultaneous monitoring of the position and the
intensity of the photon beam is becoming of increasing impor-
tance due to the unavoidable instabilities of the delivered light
beams. Several solid-state, on-axis photon beam position monitor-
ing (pBPM) detectors have been reported in the literature [1–3].
Recently, we have proposed the use of epitaxially grown quantum
well (QW) devices for photon beam detection [4–6]. Such struc-
tures allow reducing the direct semiconductor band gap down to
0.6 eV in the well layer, and thus have the ability to detect photons
over a broad energy range, spanning from visible to X-rays.
Furthermore, the high density and mobility of carriers in the 2D
Electron Gas (2DEG) forming inside the QW allow the develop-
ment of fast and efficient photon detectors with sub-nanosecond
response times. In older experiments, QWs were segmented into
four quadrants, allowing to monitor the position of a photon beam
with a precision down to 800 nm [7].

However, in order to fit commercial readout chips, the readout
electrodes cannot lie on the side hit by the photon beam. Therefore, in
this work we have developed pixelated structures on the back surface
of the QW by metal deposition and optical lithography techniques,
while leaving the QW unsegmented. In order to provide uniform
readout electrodes, the four quadrants were covered by Au/Ge/Ni
metallic layers. Photo-generated carriers can be collected at the
readout electrodes under a bias, while the beam is hitting the device
from the QW side. The device was mounted on a carrier board placed
on an XY movable stage, which is in turn driven by stepper motors
inside a UHV-compatible chamber.

The QW detectors were tested in a conventional X-ray tube in
order to compare the position sensitivity with respect to detectors
fabricated on bulk GaAs. Then, results for three experiments
performed with QW detectors at the X-Ray Fluorescence (XRF)
beamline, Elettra, Italy, are reported in this paper. The precision of
the beam-position estimation was evaluated at three different
photon energies. Additionally, charge collection efficiency (CCE)
for photo-generated carriers is reported and discussed.

2. Growth and fabrication

The epitaxial structure of all devices was grown on a 500-mm-
thick, semi-insulating GaAs substrate (Fig. 1). After a 200 nm GaAs
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layer for surface smoothing, a GaAs/AlGaAs (2 nm/8 nm) super-
lattice (SL) was introduced to block impurities from the substrate.
Another 200 nm GaAs was inserted before starting an InxAl1�xAs
step-graded buffer layer (BL) with an In concentration x increasing
from 0.15 to 0.75. The BL consists of a series of 50 nm steps, grown
by keeping the Al flux constant and ramping the In cell tempera-
ture at each step, without growth interruptions. This BL was used
to grow metamorphic 2DEG structures on GaAs substrates in
almost unstrained InxGa1�xAs layers with xZ0.7 [8–11] as a way
to block the dislocation network, generated at the hetero-interface
between mismatched layers, below the QW region. Growth details
can be found in Refs. [10,11].

The active region of the sample consists, from the top of the BL to
the free surface, of a 50 nm In0.75Al0.25As lower barrier, a 25 nm
In0.75Ga0.25As QWwhere the 2DEG forms, a 50 nm In0.75Al0.25As upper
barrier doped by Si delta 30 nm apart from the QW and a 5 nm
In0.75Ga0.25As cap. The band structure was simulated by using a 1D
Poisson–Schrodinger solver package [12]. As the chemical composition
of the BL changes, a “staircase” band structure is shown by the
simulation, followed by the QW region (Fig. 1).

Pixelated structures were fabricated on the back surface of a
5�5-mm2 dice cut from the grown wafers. 4 readout quadrants
made of Au/Ge/Ni (130 nm/60 nm/30 nm) pads with a 100 mm
wide clearance were deposited by means of metal evaporation on
the back side of the dice, while the QW was left unsegmented
(Fig. 2a). A single 400 nm Al electrode was deposited on the QW
side of the die for biasing (Fig. 2b). A device with the same
structure was fabricated on a 350 mm-thick bare GaAs wafer with
no epitaxial layers in order to compare it with the QW devices in
terms of position sensitivity and photo-current values.

Hall measurements at room temperature were performed to
characterize the charge density n and the carrier mobility m in the
QW, resulting in 7.7�1011 cm�2 and m¼1.1�104 cm2 V�1 s�1,
respectively. Top-to-bottom resistance was found to be of the
order of 100 MΩ, mostly determined by the substrate resistivity.
The speed of the proposed QW devices was tested in response to
ultra-short laser pulses. The acquired signals showed sub-ns
response, with 100 ps rise/fall times, i.e., a factor of 6 faster than
state-of-the-art commercial diamond detectors [13].

3. Experiment

Position sensitivities of QW and bulk GaAs devices were
compared on a conventional crystallographic X-ray tube with a
silver target. Such a source provides a white beam with photon
energies ranging from 6 keV to 50 keV with an intensity peak at
22 keV. The spot size has been reduced by a pinhole and a double-
slit collimator to 500 mm (FWHM) at the interaction point.

Full characterization of the QW devices was performed at the
XRF beamline at Elettra – Sincrotrone Trieste S.C.p.A. The beamline
is optically designed to present the beam parameters needed for
high-level measurements in spectroscopy as well as in microscopy.
In particular, experimental chambers can be placed temporarily at
the beamline to make use of its monochromatic beam. Three
experiments were performed with monochromatic beams at
photon energies of 2.14 keV, 5 keV and 10 keV (Table 1). A photon
flux of 108 ph/s was roughly estimated by an ion chamber for the
two higher energies with a spot size of 200 mm. Since photon
absorption of air increases below 4 keV, the spot size of the beam
at 2.14 keV was set to 500 mm, in order to reach a comparable
value of the impinging flux (3�108 ph/s).

The samples were placed and wire-bonded onto printed-circuit
boards, provided with bias and signal connectors, which are fed
into the readout electronics (AH501 picoammeter). This board was
mounted onto an XY movable stage driven by stepper motors,
which is hosted in a compact chamber and allows fine mesh scans
of the photon beam to be carried out during the measurements.

4. Results and discussion

The dark current summing from the 4 quadrants was measured
under a bias voltage from �30 V to 30 V range in 5 V intervals at

Fig. 1. Layout of the device structure with the simulated profile of the conduction band.

Fig. 2. (a) Photolithographic development on the samples; (b) schematic view of
the fabricated devices and of the experimental setup.

Table 1
Parameters and results for the three photon beams used. The different columns
show photon energies, spot sizes, photon fluxes, precisions of position estimation
and charge collection efficiencies.

Eph
(keV)

Spot size
(mm2)

Flux
(ph/s)

Position estimation precision
(mm)

CCE
(%)

2.14 500�500 3.0�108 10 27
5.0 200�200 1.0�108 12 20

10.0 200�200 1.0�108 19 10
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room temperature (see Fig. 3, dots). A smaller dark current was
recorded for negative biases, with respect to positive ones, saturating
from about �15 V. Additionally, an increase of the current noise was
observed with positive bias, which could be due to deep traps for hole
carriers, as shown in Fig. 3, squares. The maximum and minimum
values of RMS noise were recorded as 2.7 nA and 0.02 nA at 30 V and
�30 V bias voltages, respectively. Therefore, a bias voltage of �15 V
was chosen for the measurements as the optimal bias in terms of dark
currents and noise. This can be an advantage of these devices with
respect to other solid-state position-sensitive detectors which require
higher voltages [2].

To assess the role of the QW in the position monitoring capabilities
of our devices we have compared the performance of detectors
fabricated on QW epitaxial samples and on bulk GaAs. From a mesh
scan of both the QWand GaAs devices with a 500 mmX-ray beam, the
QW detector shows enhanced photon beam position sensitivity with
respect to bulk GaAs (Fig. 4). Responses of the all channels are more
uniform and the difference between the photocurrent and the dark
current of the QW is higher than the bulk GaAs. The 4 pixels on the
surface can be more clearly distinguished due to the much smaller
cross talk between the pixels in the QW detector (Fig. 4a). Thus,
segmentation of the QW allows us to electrically isolate the pixels
much better than the bulk GaAs despite the geometrical configura-
tions of these detectors being the same. Moreover, the total photo-
current was higher in the QW detector then in GaAs, even for lower
electric fields (1.13 nA at a field of �0.03 V/mm, with respect to
1.06 nA at �0.04 V/mm). The higher photocurrent in the QW detector
could be due to the fact that photo-generated electrons drifting
through the sample give their kinetic energy to the carriers in the
2DEG forming inside the QW and allow them to escape from the
potential well, and thus to give an additional contribution to the total

photocurrent. This mechanism could be considered as a charge
amplification effect due to the high charge density in the 2DEG [14].

In order to determine the response of all channels as the X-ray
beammoves across the device, scans of photocurrent acquired along a
square-shaped path (shown in the inset of Fig. 5c) were recorded. As
shown in Fig. 5, all channels were homogeneously responding to the
beam exposure during the scan, at all utilized energies.

While the beam is shifting from one quadrant to the next one, a
sharp switch in currents between two neighbor quadrants is shown in
the reported results. The individual currents obtained from each
readout electrode prove that our prototype detector allows to effec-
tively monitor the beam position. The beam positionwas estimated by
using the difference-over-sum technique [15] for all energies and then
plotted in terms of the real position, as determined by the XY stepper
(Fig. 6). The estimate is represented in Fig. 6b by the dots, relative to
each of the scan lines. The deviation of this curve from the fitting
sigmoidal function (continuous line) suggests a precision of 10 mm for
the position monitoring of a 500-mm-wide monochromatic beam at
2.14 keV. The precisions of the position estimation degraded to12 mm
at 5 keV and 19 mm at 10 keV (see Table 1). The much poorer spatial
resolution with respect to devices fabricated on the same semicon-
ductor heterostructures but with the segmentation applied to the QW
[7] could be ascribed to two separate effects. First, a cross talk between
the pixels is likely to take place if the QW is not segmented as carriers
in the 2DEG, which contribute to the photocurrent, is free to move
around the whole device area and is not confined in a single pixel.
Furthermore, we observe a loss of resolution as the photon energy
increases. Since the penetration depth increases with the photon
energy, with the beam eventually reaching the deeper layers of the BL
where dislocations are present, we infer that such dislocations play
the role of traps for the photo-generated carriers, which reduce the
signal level and thus the resolution.

Finally, the charge collection efficiency (CCE) for photo-generated
carriers was evaluated by comparing the acquired photocurrents with
the ones expected from the incident photon flux (considering a pair-
generation energy of 4.2 eV for GaAs [16]). The CCE was 27% at
2.14 keV, 20% at 5 keV, and dropped to only 10% at 10 keV (see
Table 1). This could be due to the closeness of the highest excitation
energy to the Ga K absorption edge (around 10.3 keV [17]), causing a
decrease of the number of photo-generated carriers.

5. Conclusions

We have developed a position sensitive photon detector based
on epitaxial InGaAs/InAlAs QWs. The QW photon detector
response to a 500 mm X-ray beam shows a better spatial resolution
with respect to a device fabricated on bulk GaAs. Photo-currents
with low noise were recorded for low negative bias voltages, with

Fig. 3. Dark current (dots) and current noise (squares) of the QW device in terms of
bias voltage.

Fig. 4. Mesh scan with a conventional X-ray tube performed on: (a) the QW detector and (b) the GaAs detector.
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respect to other beam monitoring photon detectors such as
diamond-based pBPMs, which work at higher bias. The beam
positions were estimated with SR light at energies of 2.14 keV,
5 keV and 10 keV. The finest estimation precision recorded was
10 mm for a spot size of 500 mm with 2.14 keV photon energy. The
position of the 10 keV beam with 200 mm spot size was estimated
with a much lower precision of 19 mm, as the incident photon
penetrates deeper into the dislocated InAlAs buffer layer. Further-
more, the low CCE recorded at 10 keV could be caused by the fact
that the excitation energy was close to the Ga K absorption edge.
The much lower spatial resolution with respect to front-
segmented QW detectors [7] is imputable to the higher cross talk
between the quadrants caused by the lack of QW segmentation. In
order to improve the resolution and at the same time allow the
insertion into commercial readout chips, we are currently devel-
oping a device where both sides are pixelated, with the readout
electrodes deposited on the back side, and the QW segmented
with the same structure and subsequently covered by a single bias
electrode.
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a b s t r a c t

The impact of buffer schemes on the strain relaxation and structural characteristics of In0.83Ga0.17As
photodetector structures with relatively high lattice mismatch (5.9%) grown on GaAs substrate by gas
source molecular beam epitaxy has been investigated. Reduction of surface roughness, full widths at half
maximum of X-ray diffraction signals and threading dislocations, as well as an enhancement of
photoluminescence intensity were observed for the In0.83Ga0.17As photodetector structure with fixed-
composition In0.83Al0.17As buffer compared to those with continuously graded InxAl1�xAs buffer. The role
of fixed-composition In0.83Al0.17As buffer layer is investigated, and it is believed that a couple monolayers
of In0.83Al0.17As at the initial growth stage can provide high density of nucleation site by the formation of
quantum dots at the interface and thus to reduce the strain energy caused by the large lattice mismatch
between In0.83Al0.17As and GaAs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The ternary III–V compound semiconductor, InxGa1�xAs (0ox
o1), with features such as relatively high carrier mobility, wide
direct band gap ranging from 0.35 to 1.42 eV, high reliability and
radiation resistance, has wide application in short-wave infrared
(SWIR) region. Especially, the demands for the so-called extended
wavelength InxGa1�xAs (x40.53) PDs and arrays are increasing
dramatically due to their important applications including earth
observation, spatial remote sensing, and night vision, etc. [1,2]. So
far, InxGa1�xAs (x40.53) PDs are often fabricated on InP sub-
strates, and the cutoff wavelength has been extended up to 2.9 μm
by using gas source molecular beam epitaxy (GSMBE) [3]. When
InxGa1�xAs PDs were transferred to GaAs substrates, the major
difficulty would be that the nearly 4% increased lattice mismatch
for the same indium content x [4,5]. However, GaAs substrates
hold the advantages of higher robustness, lower cost and larger
size as compared to InP substrates. Moreover, integration of GaAs-
based devices enjoys merits of presently highly developed GaAs
integrated circuits. The key point would be the reduction of

threading dislocations in InGaAs due to the relatively high lattice
mismatch with respect to GaAs. So far, although numerous
researches have been carried out to investigate the dislocation
behaviors of misfit dislocations in the lattice mismatched systems,
few of them focused on the material of InxGa1�xAs/GaAs
(0.53oxo1). Therefore, the nucleation mechanism at the inter-
face between InxGa1�xAs (0.53oxo1) and GaAs is still relatively
vague. To release the strain, continuously graded metamorphic
InAlAs layers are commonly employed as buffers for InP-based
InGaAs PDs in our previous experiments. For the case of GaAs-
based InGaAs PD structure with a higher lattice mismatch, the
performance of InGaAs PD would be influenced by the grading
slope, buffer thickness and relaxation degree of the continuously
graded buffers. In this experiment, a fixed-composition InAlAs
layer, which takes forms of a uniform composition and an abrupt
growth on GaAs, has been adopted as a buffer regime to accom-
modate and release the strain, as expected that the threading
dislocation density would be reduced for further epilayer growth.
Through a comprehensive comparison, the effects of InAlAs buffer
strategies on the material quality and defect behaviors of GaAs-
based In0.83Ga0.17As PD structures with the continuously graded
and fixed-composition InAlAs buffers were investigated. Based on
XTEM images of the two typical PD structures, the misfit disloca-
tion formation mechanism was also investigated in the fixed
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compositional In0.83Al0.17As buffer with respect to the continu-
ously graded InxAl1�xAs buffer. It was found that the differences
between the two buffer regimes not only exist in the magnitude
order of dislocation density, but also in the location they originate
and the way they distribute. The results will be very helpful for
understanding of dislocation behaviors in growth of metamorphic
materials with relatively high lattice mismatch, and further
designing appropriate buffer layers for fabrication of high indium
content InGaAs photodetectors with low dark current density.

2. Experiments

In0.83Ga0.17As/In0.83Al0.17As p-i-n heterojunction structures with
different buffer schemes were grown by GSMBE on semi-insulated
(100) GaAs epi-ready substrates (Table 1). Growth condition was
exactly the same as our previous study [5]. Each wafer consisted of
a 2.5-μm-thick Nþ InAlAs buffer layer and a 1.5-μm-thick n�

In0.83Ga0.17As absorption layer followed by a 530-nm-thick Pþ InAlAs
cap. For the deposition of structure with continuously graded InAlAs
buffer, GaAs growth was followed by a 0.1-μm-thick highly Si-doped
Nþ In0.1Al0.9As layer grown at 530 1C, then the 2.5-μm-thick highly Si-
doped Nþ InxAl1�xAs buffer layer with In composition x graded from
0.1 to 0.86 and substrate temperature graded from 530 to 460 1C was
grown. There is a compositional overshoot in the end of the InxAl1�xAs
buffer layer with respect to the following epilayers [6]. For the struc-
ture with fixed-composition In0.83Al0.17As buffer, the In0.83Al0.17As layer
grown on GaAs at a constant substrate temperature of 490 1C was also
2.5 μm thick. The doping level in each layer of both structures was
kept uniform. To investigate the effect of interfacial layer on the
behavior of threading dislocations in epilayers, PD structures with InAs
wetting layer inserted between the fixed-composition In0.83Al0.17As
layer and the GaAs substrate were also grown for comparison. These
samples were defined as samples A, B, C and D hereafter respectively,
as listed in Table 1. The In0.83Ga0.17As absorption layer and In0.83Al0.17As
cap were grown at 490 1C and a constant group III growth rate of
1 μm/h was used for the epilayer growth.

The strain relaxation and defect properties of the PD structures
were characterized using triple axis X-ray diffraction (XRD),
atomic force microscopy (AFM), photoluminescence (PL), and
cross-sectional transmission electron microscopy (XTEM). Triple
axis XRD measurements were carried out with a Philips X'pert
MRD high resolution X-ray diffractometer (HRXRD) equipped with
a four-crystal Ge (220) monochromator. AFM measurements were
carried out with a Bruker Dimension-Icon Atomic Force Micro-
scope System. The microstructure of the interface of InAlAs/GaAs
heterostructure and the epilayer was detected by transmission
electron microscopy (TEM, JEM-2100F, JEOL) operating at 200 kV.

3. Results and discussions

AFM scan over 20�20 μm2 were performed to investigate the
surface morphology for samples A and B. Slightly rumpled cross-
hatch patterns of the two PD structures were observed, as shown
in Fig. 1(a) and (b). The cross-hatch pattern is associated with the
strain fields of misfit dislocations aligned with the [110] and [1–10]

directions [7], which should be related to the different growth
rates around the dislocations. Compared to sample A, the cross-
hatch patterns of sample B is less pronounced. Meanwhile, to
distinguish the surface features, 3D AFM images of the two typical
samples are shown in Fig. 1(c) and (d). Different shapes and
diameters of 3D mounds align along the [110] direction on the
surface of the two samples. These 3D mounds results from the
asymmetric diffusion of group III atoms on the sample surface due
to the non-uniform strains [8]. They undulate and overlap more
significantly for sample A with a width of about 1 μm, and a length
of 4–5 μm which are larger than those of sample B. Root-mean-
square (RMS) roughnesses of all the samples are summarized in
Table 1. It can clearly be seen that the RMS values are both very
high. For the PD structure with continuously graded InAlAs buffer,
the RMS roughness is a little higher than that with fixed-
composition In0.83Al0.17As buffer. These surface features should
be associated with the different alloy grading profile in the buffer
layers underneath, i.e., different mechanisms of strain relaxation.
When the thickness of the epilayer is beyond the critical value, the
misfit strain would relax by introducing misfit dislocations. While
a large misfit strain could not release enough by dislocation arrays.
Other strain relaxation mechanism such as surface undulation
would become predominant, which relaxes part of the strain but
increases the surface roughness [9,10]. The larger RMS value and
larger size of 3D mounds on the structural surface of sample A
reflect that the strain-reliving surface roughening is more serious
in the structure with continuously graded InAlAs buffer than other
samples with fixed-composition In0.83Al0.17As buffer.

Lattice relaxation degree and alloy composition can be deter-
mined by HRXRD using two symmetrical (004) rocking curves
recorded 1801 apart in Phi and two asymmetrical (224) rocking
curves recorded at the same Phi value with a low angle of
incidence. It was observed that samples with fixed-composition
In0.83Al0.17As buffer exhibited a little larger degree of relaxation
than sample A with continuously graded InxAl1�xAs buffer, as
shown in Table 1. The lattice relaxation has been proved to be
associated with the misfit dislocation formation at the film/
substrate interface [11]. Moreover, the full width at half maximum
(FWHM) in XRD spectrum is related to the threading dislocation
density and other crystal imperfections [12]. Fig. 2 shows the
normalized HRXRD rocking curves for (004) reflections of all
samples. The lattice misfit between the layers of In0.83Ga0.17As or
In0.83Al0.17As and the GaAs substrate is both about 5.9%. Therefore
the relatively broader peaks appearing at about 311 include the
In0.83Al0.17As cap layer peak and In0.83Ga0.17As absorption layer
peak. The broad peak of sample A reflects the continuously
grading profile of InxAl1�xAs (x¼0.1-0.86) buffer which ulti-
mately combined with the In0.83Ga0.17As peak. While samples B–D
with fixed compositional In0.83Al0.17As buffers showed much lower
FWHM value of In0.83Ga0.17As layers probably mainly due to the
thicker fixed-composition In0.83Al0.17As layer in the buffer. Further-
more, the FWHM was ameliorated by inserting 5 MLs InAs
quantum dots (QDs) at the In0.83Al0.17As/GaAs interface for sample
C with a narrowest value of 410 s, but degraded to 511 s by
increasing the thickness of InAs layer to 50 nm for sample D, as
illustrated in Fig. 2. This indicates that the intermediate layer at
the interface between In0.83Al0.17As and GaAs plays an important

Table 1
Buffer schemes and measured results for four samples.

Sample Buffer scheme XRD FWHM (arc sec) Relaxation degree (%) In composition AFM RMS (nm)

A 2.5 μm InxAl1�xAs buffer, x grades from 0.1 to 0.86 1782 94.8 0.84 11.6
B 2.5 μm In0.83Al0.17As 544 97.5 0.82 8.1
C 5 MLs InAs QDsþ2.5 μm In0.83Al0.17As 410 98.3 0.83 8.8
D 50 nm InAsþ2.5 μm In0.83Al0.17As 511 98.8 0.82 8.6
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role in the blocking of threading dislocations. The 5 MLs InAs QDs
may be beneficial to the confinement of misfit dislocations in the
inactive region, while the confinement effect is weakened when
the thickness of InAs was increased.

To compare the crystal quality, PL measurements were performed
by using a Nicolet Megna 860 Fourier transform infrared (FTIR)
spectrometer, using the 532 nm line of diode-pumped solid-state
(DPSS) laser as excitation source with the excitation power of 500
mw, and the PL spectrum was detected by InSb detector through a
GaF2 beam splitter. Fig. 3 shows the PL spectra measured at 300 K

Fig. 2. (004) ω-2θ high resolution XRD patterns.

Fig. 1. AFM images of samples A and B. The scan area is 20�20 μm2.

Fig. 3. PL spectra at 300 K and 10 K of samples A–D.
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and 10 K. Two PL envelopes can be observed for each sample. The PL
envelopes with the centers located at around 1.62 μm at 300 K
correspond to the In0.83Al0.17As cap layer, which blue-shift to about
1.53 μm at 10 K. The other PL envelopes with the centers blue-
shifting from 2.54 μm at 300 K to about 2.27 μm at 10 K correspond
to the In0.83Ga0.17As absorption layers for all samples. The PL intensity
of the In0.83Ga0.17As absorption layers for samples A–C increased in
sequence at both 300 K and 10 K, indicating that the numbers of
non-radiative recombination centers decreased when the buffer
scheme was changed from continuously graded InxAl1�xAs layer to
fixed-composition In0.83Al0.17As layer. This is in good agreement with
the AFM and XRD results, and the dislocation blocking mechanism
should be analyzed.

Fig. 4 shows the XTEM images of the two typical PD structures. For
each sample, XTEM images were taken from three different areas.
These images reveal the structure and distribution of dislocations in
both the two types of InAlAs buffers. For sample A, the epitaxy of the
InAlAs buffer was started with a 0.1-μm-thick In0.1Al0.9As layer, then
the continuously graded InxAl1�xAs layer was grownwith In composi-
tion x graded from 0.1 to 0.86. Therefore, it can be seen that the misfit
dislocation networks was separated by some distance from the inter-
face between In0.1Al0.9As and GaAs. They were distributed almost
throughout the growth of the InxAl1�xAs (0.1oxo0.86) layer. As we
discussed above, strain in this structure released dominantly by
surface roughening, which deteriorates the surface morphology of
the PD structure and leads to a large RMS roughness. And researchers
have also demonstrated that stain-relieving defects originated from
surface ripple troughs [13]. By this means, the misfit dislocations
would be generated by gliding of dislocation half loops from the
surface through the epilayer. Fig. 4(a) shows that high dense disloca-
tion arrays accumulated in the lower area of the InxAl1�xAs layer.
Many vertical dislocations with long dislocation length, thread from
the tangling area through the epilayer along the [100] direction and
propagate to the top active region of the PD structure.

Instead, when using the fixed-composition In0.83Al0.17As layer
as buffer, the dislocations are short and most of them are not
perpendicular to the sample surface, as shown in Fig. 4(b). It has
been proven that the dislocation generation mechanism in the
hetero-epitaxy of InxGa1�xAs (0oxo1) on GaAs could be also
affected by the initial growth mechanism except for the lattice
mismatch [14]. The relaxation process in sample C may start with a

layer-to-island transition (Stranski–Kranstanov growth mode)
after the deposition of a couple MLs of In0.83Al0.17As on GaAs with
the lattice mismatch of 5.9%. Above the critical thickness, the
accumulated strain in the two dimensional [2D] In0.83Al0.17As
buffer layer will release by the formation of three-dimensional
[3D] structures [15,16]. Thus the In0.83Al0.17As QDs will form at the
beginning of growth of the fixed-composition In0.83Al0.17As layer.
Then large numbers of misfit dislocations would generate, react
and form misfit dislocations networks to release the large com-
pressive strain. In this way, the formation of In0.83Al0.17As QDs at
the initial stage of the buffer layer may provide high density of
nucleation sites [8] and act as core of misfit dislocations. This
brings large degree of relaxation and only small residue strain
remaining in the following epilayers, as shown in Table 1. The
relaxation process is promptly due to the substantial lattice
mismatch and the core locates close to the In0.83Al0.17As/GaAs
interface. This is in accord with the small critical thickness value of
In0.83Al0.17As due to the relatively large lattice mismatch with
GaAs. Therefore, most of the misfit dislocations are inhibited to
propagate a long distance by the island growth at the interface in
sample B. Moreover, many point defects would exist in the high In
content In0.83Al0.17As layer, which may also interact with misfit
dislocations and block their movements. This also enhances the
possibility of threading dislocation annihilation. Therefore, sample
B with fixed-composition In0.83Al0.17As buffer shows a relatively
low threading dislocation density, even though the multiplication
of dislocations happened with increasing the thickness of In0.83A-
l0.17As. Therefore, introducing QDs to the interface between the
In0.83Al0.17As buffer and the GaAs substrate will be beneficial to
reducing threading dislocation density in the In0.83Ga0.17As
absorption layer. It is expected that the action of QDs will be
enhanced by inserting a thin InAs wetting layer at the In0.83A-
l0.17As/GaAs interface because of a higher lattice mismatch. How-
ever, a larger thickness of the InAs wetting layer may bring about
undesired effects such as degraded interfacial quality of the
relaxed InAs layer. This explains the variation trends of FWHM
values of XRD for samples C and D.

As a result, the In0.83Al0.17As layer grown atop on the 5 MLs InAs
QD/fixed-composition In0.83Al0.17As buffer would be acted as a final
virtual substrate, which may favor the growth of the In0.83Ga0.17As PD
structure because they match well with each other. Further mesa

Fig. 4. XTEM images of (a) sample A and (b) sample B.
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device studies will check the material qualities and the thickness and
the growth temperature of the In0.83Al0.17As buffer layer should be
optimized in the next step.

4. Conclusion

In conclusion, characteristics of GaAs-based In0.83Ga0.17As PD
structures were compared by utilizing different InAlAs buffer
strategies. The normal scans of a 4-circle X-ray diffraction indi-
cated that a higher strain relaxation degree of PD structures with
fixed-composition In0.83Al0.17As buffer than that with continuously
graded InAlAs buffer. The RMS roughness, structural and optical
properties of In0.83Ga0.17As PD structures can be improved by using
fixed-composition In0.83Al0.17As buffer as well. It is also essential to
reduce the strain energy caused by the relatively high lattice
mismatch by designing interfacial intermediate layer. This would
help confine the threading dislocation in the inactive region by
introduction of interfacial dislocations. The use of fixed-
composition In0.83Al0.17As buffer may be beneficial in the meta-
morphic device design because of faster lattice relaxation process
and better structural characteristics.
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a b s t r a c t

XBnn and XBpp barrier detectors grown from III–V materials on GaSb substrates have recently been shown to
exhibit a low diffusion limited dark current and a high quantum efficiency. Two important examples are
InAsSb/AlSbAs based XBnn devices with a cut-off wavelength of λC�4.1 μm, and InAs/GaSb Type II superlattice
(T2SL) based XBpp devices, with λC�9.5 μm. The former exhibit background limited performance (BLIP) at F/3
up to �175 K, which is a much higher temperature than observed in standard generation-recombination
limited devices, such as InSb photodiodes operating in the same Mid Wave IR atmospheric window. The Long
Wave IR (LWIR) T2SL XBpp device has a BLIP temperature of �100 K at F/2. Using the k � p and optical
transfer matrix methods, full spectral response curves of both detectors can be predicted from a basic
knowledge of the layer thicknesses and doping. The spectral response curves of LWIR gallium free InAs/
InAs1�xSbx barrier devices have also been simulated. These devices appear to have a lower quantum efficiency
than the equivalent InAs/GaSb XBpp devices.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

High performance photodiode Focal Plane Array (FPA) detec-
tors that operate in the Mid or Long Wave Infra-Red (MWIR or
LWIR) “windows” of the atmosphere are often made fromMercury
Cadmium Telluride (MCT), because of the potential tunability of
the band gap and the low “diffusion” limited dark current [1].
However, the need for high quality Cadmium Zinc Telluride
substrates makes them expensive and difficult to scale to large
areas. For this reason InSb FPAs are often preferred in the MWIR,
even though they must operate at a few tens of degrees colder, in
order to suppress the generation-recombination (G-R) current
created in the photodiode depletion region [2]. Recently, InAs/
GaSb Type II superlattices (T2SLs) have emerged as another
competitor to MCT because, like MCT, they also offer tunability
over the full MWIR and LWIR ranges. Although they are also G-R
limited, the G-R problem has recently been overcome using a
patented XBnn/XBpp technology [3,4] which can be implemented
in the MWIR or LWIR in III–V devices grown on commercial GaSb
substrates. It provides a low diffusion limited dark current as in
MCT, but with many of the advantages of III–V materials, including
the potential for scalability to large areas at affordable cost. In this
work barrier devices grown lattice matched to GaSb are discussed
based on a bulk InAsSb/AlSbAs XBnn architecture for the MWIR
and an InAs/GaSb T2SL XBpp architecture suitable for both the

MWIR and LWIR. The T2SL results are compared with those of an
alternative T2SL design, based on InAs/InAs1�xSbx.

2. XBnn devices

Schematic band diagrams for an InAsSb XBnn detector at operating
bias [5] are shown in Fig. 1. The detector has a cut-off wavelength
close to 4.1 μm and is based on a heterostructure design that can be
grown with high quality on GaSb or even GaAs [6] substrates, using
Molecular Beam Epitaxy (MBE). The device contains an n- or p-type
contact layer made from InAs1�xSbx or GaSb (X), a barrier layer made
from n-type AlSb1�yAsy (Bn), and an active layer made from n-type
InAs1�xSbx (n). By excluding the depletion region from the photon
absorbing layer the G-R current is strongly suppressed. Exclusion is
achieved by ensuring that the barrier and photon absorbing layers are
both doped n-type. It also creates the interesting situation of a
completely unipolar nBnn device which behaves in many ways like a
photovoltaic detector with a gain of one, even though it contains no
p–n junction [4].

When the G-R current is suppressed, the result is a large
increase in operating temperature for a detector with a given dark
current, as depicted by the red arrow in Fig. 2. As shown in the
Figure, the G-R current has a lower slope than the diffusion
current, because it is activated with approximately half the energy.
The two contributions are equal at the crossover temperature T0,
which increases with the active layer (AL) band gap energy [5].
The effect of changing the barrier layer (BL) polarity is shown
in Fig. 3. If the barrier has the opposite doping polarity to the
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photon absorbing layer, then a depletion region develops in the
photon absorbing layer and a large G-R current ensues. Fig. 3
shows two nominally identical devices with opposite barrier
polarities, each operating at a bias of �0.1 V. The nBnn device
exhibits a single straight line, characteristic of diffusion limited
behaviour, while the nBpn device exhibits two slope behaviour,
characteristic of a crossover from diffusion limited behaviour at
high temperatures to G-R limited behaviour at low temperatures.
The dark current at 150 K (enlarged points in Fig. 3) is 100�
greater for the detector with the p-type barrier because it is
already G-R limited. For a typical quantum efficiency of 70% at F/3,
this results in a lower background limited performance (BLIP)
temperature of �140 K, compared with �175 K for the detector
with the n-type barrier. The BLIP temperature is defined as the
temperature at which the dark current equals the photocurrent.

Fig. 4 shows a series of images registered at F/3.2 and different
operating temperatures up to 225 K for a 15 μm pitch FPA detector
flip-chip bonded to SCD's Pelican-D 640�512 digital silicon read-
out integrated circuit (ROIC). The FPA has a quantum efficiency
(QE) of�80%. There is no discernable degradation in image quality
until �193 K, as expected for a BLIP temperature of �175 K. Such
high imaging temperatures, up to nearly 200 K, allow considerable
reductions in size, weight and power of the complete integrated
XBnn detector/cooler assembly. Further details of the radiometric
performance of these XBnn detectors may be found in Refs. [7,8].

3. XBpp devices

In this section two types of barrier device will be discussed,
where the active layer is based on a InAs/GaSb T2SL or a gallium
free InAs/InAs1�xSbx T2SL, in all cases lattice matched to a GaSb
substrate. The latter have attracted attention recently due to their
longer minority carrier lifetime in low doped material [9,10]. Since
the T2SL valence mini-band is generally very narrow and small
hole mobilities have been reported in several cases [11,12], the
present analysis is based on a pBpp architecture, where the
minority carriers in the AL are electrons.

3.1. InAs/GaSb

Fig. 5(a) shows a schematic band structure for an XBpp device
based on an InAs/GaSb T2SL AL and a InAs/AlSb T2SL BL. The
individual InAs layers are terminated with indium and the AlSb or
GaSb layers are terminated with antimony, in order to create
“InSb” like interfaces with the correct amount of strain for lattice
matching between the T2SL and the GaSb substrate [13]. In (b) the
edges of the mini-bands shown in (a) are sketched for a unipolar
pBpp device at operating bias, where all T2SL regions are doped
p-type [4]. The advantage of the barrier device is demonstrated
in Fig. 6, which compares the dark current in a standard LWIR n-
on-p diode based solely on InAs/GaSb, with that for a LWIR pBpp
device based on the design in Fig. 5. Both devices have a p-type AL
with a band gap wavelength close to 10 μm. The barrier device
(blue) is diffusion limited down to 77 K, while the diode (red) is G-
R limited at this temperature, with a dark current over 20� larger
(solid points). The dark current in our pBpp devices is within one
order of magnitude of MCT Rule-07 [14], which is the performance
standard for state of the art MCT photo-diodes [1].

In order to predict the detector photo-response, it is first
necessary to calculate the T2SL absorption spectrum. Fig. 7 shows
measured (grey) and simulated (black) absorption spectra at 77 K
for two InAs/GaSb T2SL structures with cut-off wavelengths in the
MWIR and LWIR respectively. The widths of the individual InAs
and GaSb layers in a single period were determined with a typical
accuracy of 0.2 monolayers (MLs), by finding a single pair of rate

Cp - Bn - n

p - Bn - n n - Bn - n 

Cn - Bn - n

Fig. 1. The four contact configurations of an XBnn device (shown at operating bias).
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constants that when multiplied by the measured group III beam
fluxes and shutter timings of the MBE reactor gave the best fit to
the precisely measured periods of over 30 different T2SLs [13]. The
layer widths of the MWIR and LWIR InAs/GaSb T2SLs in Fig. 7 were
8.4/13.7 ML and 14.4/7.2, respectively. The absorption spectra for
these layer widths were calculated using the k � p treatment
described in Ref. [13]. This treatment has only seven fitting
parameters which are two independent Luttinger parameters (γ1
and γ2 for InAs, fromwhich the non-independent parameters, γ3 of
InAs and γ1, γ2 and γ3 of GaSb are calculated), three interface
parameters, the valence band offset, and an optical matrix element
scaling parameter. It can be seen that the simulated spectra
reproduce the measured spectra quite well, including a large peak
at 2–3 μm due to a very high joint density of states (JDOS) for
HH2-E1 transitions which are allowed at the zone boundary.

Using the simulated absorption spectra it is possible to calcu-
late the full spectral response of an FPA detector with a InAs/GaSb
AL, based on an optical transfer matrix technique [15]. In the
present case it is assumed that the detector is ideal with no losses
of photo-carriers due to recombination in the bulk or at the
surface [16]. Fig. 8 compares the simulated and measured QE
values at 77 K (weighted by the 300 K black body radiation

spectrum and averaged over a spectral window of 7.6–9.5 μm)
for a series of LWIR pBpp test devices with AL thickness values
from 1.5–6.0 μm and a cut-off wavelength of�9.5 μm. Details of
the method of measurement are given in Ref. [17]. Although the
InAs/AlSb BL makes no contribution to the response, the k � p
treatment described above is also used to design the correct
layer widths in the BL of the grown devices [16]. The solid line
in Fig. 8 is for the simulation when no anti-reflection coating (ARC)
is used and the dashed line is when an ARC is used. The detector
structures include a mirror on the contact layer (CL) to reflect 80%
of the light back for a second pass. Measured QE values are shown
as points and they all appear quite close to the respective
simulated curves. Fig. 8 shows that it is possible to achieve QE
values above 60% for an AL thickness of 4.5 μm.

The inset in Fig. 8 shows the typical bias dependence of the QE
at 77 K for a 100�100 μm2 test device. The signal does not reach
its full value until a positive applied bias of �0.6 V, because this
bias is needed to overcome the electrostatic barrier to minority
carriers caused by the negative space charge in the depleted
p-type BL (see Fig. 5(b)). This behaviour is typical of XBnn and
XBpp barrier devices and highlights the dependence of the
operating bias (VOP) on barrier doping (NA) and width (W). Both

Fig. 4. Images at FPA temperatures between 103 and 225 K for a 15 μm pitch 640�512 XBnn FPA at F/3.2.

InAs AlSb InAs GaSb

BARRIER

ACTIVE LAYER

InAs/GaSb

InAs/GaSb
InAs/AlSb

Fig. 5. (a) Alignment between mini-bands in the active and barrier layers of a T2SL XBpp device, super-imposed on the band gaps of InAs, GaSb and AlSb. (b) Schematic
profile of band edges in an operating pBpp device, based on the mini-bands shown in (a).
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of these parameters increase the height of the electrostatic barrier
and thus increase the operating bias. The operating bias varies
approximately as VOP¼V0þaNAW

2, where V0 is a small constant
and a is also a constant.

3.2. InAs/InAsSb

The measured and simulated absorption spectra for a 12.8/12.8
InAs/InAs0.815Sb0.185 T2SL at 77 K are shown as solid lines in
Fig. 9(a). Parameter values used in the fit are given in Ref. [16].
Unlike for the case of no common atom superlattices such as InAs/
GaSb where the interface parameters make a large first order
contribution and thus play a critical role, in common atom super-
lattices such as InAs/InAs1�xSbx the interface contribution is due
to a much weaker second order interaction and it has been
assumed that for these superlattices it can safely be neglected
[16,18]. Fig. 9 shows that this assumption is justified because there
is good agreement between measurement and simulation, with
the main features in the measured spectrum also appearing in the
calculation. The period of the simulated T2SL is very close to that

measured by high resolution X-ray diffraction and the composition
of the layers is close to that deduced from the calibration of the
MBE growth. It should be noted that in this T2SL the ternary
material exhibits very strong bowing of its bandgaps and Luttinger
parameters. Since experimental measurements of the former are
well documented in the literature [19], while the latter are
calculated from values already determined above for γ1 and γ2 in
InAs, our k � p treatment is able to handle the bowing effects
quite efficiently [16]. Also shown in Fig. 9(a) as a dashed line is the
measured absorption spectrum of a 8.5/10.8 InAs/GaSb T2SL with
the same cut-off wavelength as the gallium free T2SL (a k � p
treatment of this T2SL may be seen in Ref. [13]). The InAs/GaSb
T2SL has a larger and more abrupt absorption edge than the InAs/
InAs0.815Sb0.185 T2SL, although at shorter wavelengths the spectra
effectively merge. The more abrupt absorption edge for InAs/GaSb
T2SLs is probably attributable to a more step-like two-dimensional
JDOS, where both electrons and holes have large band offsets. In

1.E-06

1.E-05

1.E-04

1.E-03

1.E-02

1.E-01

1.E+00

1.E+01

1.E+02

6 8 10 12 14

J 
(A

/c
m

2 )

1000/T   (K-1)

pBp
n-p diode

Bias = 0.6V

Fig. 6. Log Jdark vs. 1000/T in pBpp barrier device (bias¼0.6V) and n–p diode
(bias¼0.1V), each with a p-type InAs/GaSb active layer with a bandgap wavelength
of λG�10 μm (mesa area¼100�100 μm2). Solid points are for 77 K. (For inter-
pretation of the references to colour in this figure, the reader is referred to the web
version of this article.)

0

0.2

0.4

0.6

0.8

1

2 3 4 5 2 4 6 8 10 12

α
(μ

m
-1

)

0

0.2

0.4

0.6

0.8

1

α
(μ

m
-1

)

Wavelength (μm)Wavelength (μm)

Fig. 7. Measured (solid grey) and simulated (solid black) absorption spectra at 77 K for (a) 8.4/13.7 MWIR and (b) 14.4/7.2 LWIR InAs/GaSb T2SLs (dimensions in ML). The
large peaks at short wavelengths are from zone boundary HH2-E1 transitions. The dip at �4.2 μm in the measured spectra is an artifact due to strong atmospheric
absorption and can be ignored.

0

10

20

30

40

50

60

70

80

1.5 2.5 3.5 4.5 5.5
AL thickness (μm)

Q
E(

%
)

ARC (sim)

No ARC (sim)

No ARC(FO)

ARC

no ARC

Simulation

0
5

10
15
20
25
30
35
40
45

0.0 0.5 1.0 1.5 2.0
Bias (V)

Q
E(

%
)

100 x 100 μm
77K

Fig. 8. Simulated (lines) and measured (dots) QE values at 77 K averaged over the
300 K black body spectrum from 7.6 μm to the cut-off wavelength of �9.5 μm, for
pBpp test devices with AL thicknesses from 1.5–6.0 μm. The simulation assumes
there are no losses of photo-generated carriers. An anti-reflection coating (ARC) is
included for the dashed line. A mirror on the contact layer reflects 80% of the light
back for a second pass through the AL. Inset: example of QE vs. bias for a
100�100 μm2 test device.

P.C. Klipstein / Journal of Crystal Growth 425 (2015) 351–356354



the gallium free case, the conduction band offset is quite small
giving a more three-dimensional electron dispersion, and hence a
less abrupt JDOS.

Fig. 9(b) shows that increasing the antimony content of the
InAs1�xSbx T2SL layer from x¼0.185 (crosses) to x¼0.39 (solid
line) has almost no effect on the absorption coefficient in the
3–5 μmwavelength range. The layer thicknesses are changed from
12.8/12.8 to 10.6/3.2 in order to maintain the same cut-off wave-
length. For comparison, a bulk layer with x¼0.14 is also shown.
The bulk absorption coefficient is calculated using the phenom-
enological formula derived in Ref. [15]. It is significantly larger
than for the T2SLs, but the bulk material is no longer lattice
matched to a GaSb substrate. For lattice matched InAs/InAs1�xSbx
T2SLs, it seems that the region of greatest practical interest near
the absorption edge has relatively little sensitivity to antimony
content, provided the T2SL period is small enough for there to be
significant confinement of both electrons and holes.

Finally the spectral response at 77 K has been calculated for
two LWIR pBpp detectors, in which the AL is either a 13.8/7 InAs/
GaSb T2SL or a 31.5/9.5 InAs/InAs0.61Sb0.39 T2SL. In each case the
cut-off wavelength is 9.9 μm, chosen because it is well matched to
the LWIR atmospheric transmission window. Both detectors reflect
80% of the light back for a second pass through the AL which has a
thickness of 5 μm, and it is assumed, as above, that there are no
losses of photo-carriers at the surface or in the bulk. The back-side
of the detector has an anti-reflecting coating, and the response
spectrum was averaged over several different thicknesses of a
transparent thin GaSb substrate in order to suppress Fabry–Perot
oscillations. When averaged over the 300 K black body radiation
spectrum in the LWIR atmospheric window (from 7.6 to 9.8 μm),
the average QE is oQE4¼44% for the InAs/InAs0.61Sb0.39 T2SL
and oQE4¼67% for the InAs/GaSb T2SL. For this AL thickness,
the gallium free T2SL is thus expected to exhibit about 2/3 of the
QE of the InAs/GaSb T2SL. In fact, the present model can be used to
show that the absorption coefficient increases slightly at higher
antimony content and the average QE can thus be increased to 49%
for the same cut-off wavelength in a 20.5/3.7 gallium free T2SL
with x¼0.6. However, the cut-off wavelength then becomes very
sensitive to small variations in the thickness of the ternary layer,
and there may also be issues of Sb segregation at such high
antimony concentrations [20].

It should be mentioned that although the InAs/AlSb BL has a
valence band offset (VBO) with respect to the LWIR InAs/GaSb AL
of more than twice the AL band gap, the VBO in the case of the
InAs/InAs0.61Sb0.39 AL is predicted to be slightly less than the AL
bandgap. This VBO is less than the minimum value required for a

diffusion limited dark current, which in general should be greater
than the AL bandgap [3,4,5]. Although the result of the model is
somewhat sensitive to the values of the interface parameters
deduced for the InAs/AlSb T2SL in Ref. [16], it highlights the fact
that the band edges in InAs/InAs1�xSbx T2SLs are lower in energy
than those in InAs/GaSb T2SLs. The use of gallium free T2SLs in
diffusion limited pBpp detectors with an InAs/AlSb BL is therefore
limited to cut-off wavelengths longer than some minimum value,
which is in the region of 10 μm. In order to make a gallium free
diffusion limited device with a shorter cut-off wavelength, one
possibility is to use an nBnn structure, for example with an
AlGaSbAs alloy BL which has a very large conduction band offset.
However, such a detector may suffer from a low minority carrier
mobility due to the very narrow T2SL valence band dispersion.
This case has been discussed in detail in Ref. [16], where the hole
diffusion length was estimated to be �1 μm by scaling results
reported for an InAs/GaSb T2SL with a similar valence band
structure. If the hole diffusion length falls below the AL thickness,
the QE is reduced significantly from that shown in Fig. 10, due to
poor carrier collection. However, in the light of recent measure-
ments by Haddadi et al. [21], the hole diffusion length in the InAs/
InAs1�xSbx T2SL may in fact be significantly larger (Z6 μm). Its
effect on the QE will then be much less than previously suggested.

4. Summary

MWIR XBnn and LWIR XBpp barrier devices have been fabri-
cated from InAsSb/AlSbAs and InAs/GaSb T2SL heterostructures,
respectively. In each case it has been possible to achieve a high QE
and a diffusion limited dark current close to the MCT Rule-07
value. This has led to a high BLIP temperature of �175 K at F/3 for
the MWIR device, and �100 K at F/2 for the LWIR device. The
measured QE of T2SL detectors with AL thicknesses between
1.5 and 6 μm agrees quite well with that predicted from a model
based on k � p theory and an optical transfer matrix calculation,
assuming no losses of photo-generated carriers (internal QE of
100%). The same model has also been used to simulate the
absorption coefficient of InAs/InAs1�xSbx T2SLs, and to compare
the spectral response curves of pBpp devices based on T2SLs of
both types. For short period gallium free structures, the absorption
spectrum appears to exhibit little dependence on antimony con-
centration over a useful range of wavelengths near the absorption
edge, especially for MWIR T2SLs, and shows good agreement with
experiment for the case of a 12.8/12.8 InAs/InAs0.815Sb0.185 T2SL
with a cut-off wavelength of �4.6 μm. For an optimised LWIR
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pBpp detector made from a 5 μm thick InAs/GaSb T2SL AL with a
cut-off wavelength of 9.9 μm (and an InAs/AlSb T2SL BL), a model
of the spectral response predicts a QE of �67% when averaged
over the 300 K black body radiation spectrum in a transmission
window from 7.6 to 9.8 μm. For the equivalent detector based on
an InAs/InAs0.61Sb0.39 T2SL, however, the predicted average QE is
only about 2/3 of the InAs/GaSb value. This difference can be
attributed to the smaller absorption coefficient of the InAs/
InAs1�xSbx T2SL near the cut-off wavelength. Since the bands of
the gallium free T2SL are lower than those for an InAs/GaSb T2SL,
it was also noted that an InAs/AlSb T2SL BL appears to be too low
for diffusion limited behaviour in a gallium free pBpp device when
the AL cut-off wavelength is shorter than about 10 μm. For this
wavelength range an nBnn architecture can be used with a tall
AlGaSbAs alloy BL. However, device performance may be affected
by the narrow T2SL valence mini-band and hence a short hole
diffusion length.
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a b s t r a c t

Growth of unrelaxed and unstrained AlzIn1�zAsySb1�y with a lattice constant¼6.23 Å was demon-
strated. InAs1-xSbx with this lattice constant produces a bandgap corresponding to absorption in the
long-wavelength infrared range. The structures were grown on GaSb substrates, using a lattice constant
shifting buffer layer. Good photoluminescence intensity was shown, ranging from 2.0 to 4.5 μm,
demonstrating the potential for development of multi-color infrared detectors that can cover both the
mid- and long-wavelength infrared bands.

Published by Elsevier B.V.

1. Introduction

It has long been recognized that InAs1-xSbx has the smallest
bandgap among the III–V compound semiconductors [1]. The
bandgap is considerably smaller than that of either end-point
binary due to a large bowing parameter, C. Until recently it was
assumed that the value of C was 0.67 eV [2], which precluded
InAs1�xSbx from reaching the long-wavelength infrared (LWIR)
band. However, by using appropriately designed lattice constant
shifting buffer layers, we have demonstrated that it is possible to
produce unstrained and unrelaxed InAs1-xSbx, which allows the
true intrinsic properties of the alloy to be measured [3–7]. The
bowing parameter is in fact 0.87 eV, which allows bandgaps
corresponding to wavelengths over the entire 8–12 μm band [6].

InAs1-xSbx exhibits surface electron accumulation, similar to
InAs [7]. This means that it is not possible to produce a p-n-diode
in mesa configuration without employing an effective surface
insulation process. This has not been accomplished for InAs and
certainly not for long wavelength infrared (LWIR) InAs1-xSbx.
Detector devices can still be made using various barrier designs.
[8–12]. In these types of structures a large bandgap layer is used,
and surface leakage is blocked; either due to its inherent absence
of surface electron accumulation and/or oxidation due to the high
Al-content typically used in such designs.

It is also of interest to consider multi-color nBn detector
structures using bulk InAs1-xSbx for the LWIR band. By combining
it with χInAsSb with the same lattice constant, where χ could be
Ga or Al, we could reach, for example, the mid-wave IR (MWIR)

range. Of the two choices we would be reluctant to employ Ga due
to its general detrimental effect on minority carrier lifetimes [13]
and the fact that it would require more Ga than Al to achieve the
same increase of the χInAsSb bandgap. Here we will present the
first study of the design and growth of AlzIn1-zAsySb1-y layers with
lattice constants corresponding to LWIR InAs1�xSbx.

2. Experimental

The material studied here was grown in a Gen II Veeco solid-
source molecular beam epitaxy (MBE) system equipped with As and
Sb valved cracker sources. Epi-ready, exact-oriented (001) GaSb
substrates from WaferTech LLC were used. The AlzIn1�zAsySb1-y
layers were grown at 415 1C at a growth rate of 1 μm/hr.

In order to estimate the required amount of Al needed to
accomplish a desired increase in the InAsSb bandgap, we used the
quaternary interpolation scheme proposed by Glisson et al.[14]. We
used the binary bandgaps and ternary bowing parameters from
reference [15], except for InAs1�xSbx where we used C¼0.87 eV.

In Fig. 1 we show the predicted energy positions of the Γ, X and L
valleys as a function of the Sb composition, x, in InAs1-xSbx. For each x,
the InAs1�xSbx lattice constant was first calculated and the mole
fractions z and y of AlzIn1�zAsySb1-y that lattice match to it were
determined. We see that a very large range of bandgaps are achievable.

We chose a lattice constant, a¼6.23 Å for this series. An AlGaInSb
grade from a¼6.0959 Å was used like in Refs. [3–7]. When adding Al
to InAsSb the Sb/As composition needs to be appropriately adjusted.
Our strategy was thus to first determine the flux ratios that produce
the higher Sb/As mole fractions in InAsSb, then to use that informa-
tion to achieve the a¼6.23 Å lattice constant for each added amount

Contents lists available at ScienceDirect

journal homepage: www.elsevier.com/locate/jcrysgro

Journal of Crystal Growth

http://dx.doi.org/10.1016/j.jcrysgro.2015.02.036
0022-0248/Published by Elsevier B.V.

n Corresponding author. Tel.: þ1 301 394 5761.
E-mail address: wendy.l.sarney.civ@mail.mil (W.L. Sarney).

Journal of Crystal Growth 425 (2015) 357–359

www.sciencedirect.com/science/journal/00220248
www.elsevier.com/locate/jcrysgro
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.036
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.036
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.036
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.036&domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.036&domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jcrysgro.2015.02.036&domain=pdf
mailto:wendy.l.sarney.civ@mail.mil
http://dx.doi.org/10.1016/j.jcrysgro.2015.02.036


of Al. The compositions and strain state were verified with sym-
metric (004) and asymmetric (115) triple axis x-ray diffraction (XRD)
with a 1801 rotation in phi. Fig. 2 shows a representative (004) XRD
result, this particular sample had a Al0.07InAsSb0.47 (left side XRD
peak) grown onto a graded structure on the GaSb substrate (right
side XRD peak). The bandgaps of all films where measured at 77 K
with photoluminescence (PL).

3. Results

The PL data is shown in Fig. 3. We observe strong signals for the
entire sample set and we can easily cover the entire 3–5 μm, MWIR

range. Comparing the bandgaps with the interpolation prediction in
Fig. 4, we observe overall good agreement, with a few data points
showing larger than expected bandgaps. The origin of this deviation
is not known at present. It could possibly be due to compensating
errors in the x and y compositions since the XRD shows that the
AlzIn1�zAsySb1-y film is very well lattice matched both in and out of
plane to the underlying virtual substrate.

4. Conclusions

We have demonstrated that by using a lattice constant shifting
buffer technology, the lattice constant itself can be a design
parameter. We chose a lattice constant suitable for using our
predetermined relationship between the Sb/As flux and the result-
ing group V mole fraction, to design a set of AlzIn1-zAsySb1-y layers
with increasing Al-content, while keeping the lattice constant the
same. The structures exhibited strong PL signals corresponding to
the predicted bandgaps and covered the entire MWIR band. This
demonstrates the feasibility of development of multi-color mono-
lithic, bulk III–V IR detector materials.
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a b s t r a c t

In a previous work [Flores et al., J. Cryst. Growth 398 (2014) 40] [3] we demonstrated the advantages of
using a thin InAlAs spacer layer in the fabrication of buried-heterostructure quantum-cascade lasers
(QCLs), as it improves the morphology of the interface between the laser core and the InP:Fe lateral
cladding. In this paper we investigate aspects of InAlAs, which are relevant for its role as insulating
lateral cladding of the laser sidewalls: carrier traps, electrical resistivity, and functionality as a sole lateral
cladding. We find that a thin InAlAs spacer layer not only improves the regrowth interface morphology,
but also eliminates interface-related shallow electronic states, thus improving the electrical resistivity of
the interface. We further find that bulk InAlAs grown by gas-source molecular-beam epitaxy as well as
InP:Fe are semi-insulating at room temperature, with specific resistivities of 3� 107 Ω cm and
2� 108 Ω cm, respectively. Both materials have also a high thermal activation energy for electrical
conductivity (0.79 eV and 0.68 eV, respectively). In order to compare the performance of InP:Fe and
InAlAs as a lateral cladding, lasers were fabricated from the same QCL wafer with differing stripe
insulation materials. The resulting lasers differ mainly by the lateral insulation material: SiO2, InP:Fe
(with InAlAs spacer), and pure InAlAs. All devices show a similar performance and similar temperature
dependence, indicating insulating properties of InAlAs adequate for application in lateral regrowth of
buried-heterostructure QCLs.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The quantum-cascade laser (QCL) is a unipolar laser in which the
laser transition is between conduction subbands. QCL structures are
made using molecular-beam epitaxy (MBE), metal-organic vapor-
phase epitaxy (MOVPE), and gas-source MBE (GSMBE). The GSMBE
technique offers the following advantages for the growth of QCL
structures: (i) easy handling of phosphides and arsenides in a single
chamber within the same growth run, (ii) ability to grow strain-com-
pensated heterostructures with very high internal strain for short-
wavelength intersubband transitions and for maximized gain, and (iii)
the ability to fabricate buried-heterostructure lasers through over-
growth of stripes in the same chamber and at very similar process
temperatures as the primary wafer growth.

GSMBE allows furthermore the growth of strain-compensated
heterostructures containing a higher degree of strain than is possible
with vapor phase epitaxy, including up to 2-nm thick AlAs barriers on
InP [1–3]. High AlAs barriers also allow the design of QCL active
regions with low thermal escape charge carriers into the quasi-cont-
inuum and a sufficiently deep relaxation region. New insights into the
physics of carriers scattering in QCLs suggest new structures to avoid
carrier leakage and non-radiative scattering due to interface rough-
ness and phonons [4–7]. These new designs allow for high character-
istic temperatures T0 and T1, and low threshold current densities at
room temperature and above.

Buried heterostructure (BH)-QCLs using insulating material
that is epitaxially overgrown over the etched laser stripes provide
the best heat extraction from the active region. Insulating iron-
doped indium-phosphide (InP:Fe) can be overgrown with a
high interface quality by GSMBE at approximately the same
growth temperatures as the primary wafer growth, thus avoiding
thermal relaxation of the highly strained AlAs barriers [1–3].
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Continuous-wave (cw) operation, which is an essential performance
aspect for the broadening of QCL applications, was demonstrated up
to a temperature of 210 K with thin epi-down-mounted narrow
(7 μm-wide) QCL stripes using InP:Fe as lateral cladding [3].

In the previous studies we improved heat extraction capabilities of
InP:Fe-covered BH-QCLs using a thin (20 nm) InAlAs spacer layer
between the laser ridge sidewalls and the InP:Fe insulating layers. This
led furthermore to a clear improvement of the crystal quality of the
interface, which is otherwise populated by void-like defects playing
against an efficient heat extraction out of the laser core [3].

In this paper we reinforce our argumentation of using a thin InAlAs
spacer layer for the fabrication of highly thermally conductive BH-
QCLs. In particular, we present thermally stimulated current (TSC)
measurements suggesting that InAlAs plays a crucial role in the
suppression of surface states between the InP:Fe layer and the InP
substrate. We demonstrate that InAlAs layers guarantee high electr-
ical insulation through room-temperature resistivity values up to
3� 107 Ω cm. This high resistivity translates into leakage currents
through the InAlAs layers in QCLs of only several milliamperes,
an insignificant current compared to laser drive currents of several
amperes.

2. Electrical properties of thin InAlAs and InP:Fe layers

2.1. Thermal stimulated current measurement

The thermally-stimulated current (TSC) measurement is a well-
suited technique to investigate the formation of trap levels induced by
the epitaxial growth of InP:Fe and, generally, for the investigation of
deep levels in both crystalline and amorphous semiconductors [8]. In
contrast to other techniques as, for example, deep-level transient
spectroscopy (DLTS), this technique allows the investigation of
deep traps in highly resistive structures with in-plane charge carrier
transfer.

The TSC measurements were temperature-driven and measured
after the excitation of the samples with near-infrared (1.3 eV photon
energy) light for 1 min and subsequent delay time of 20 s. The power
density of the excitation signal was 300 μW=cm2 and the heating rate
was about 10 K/min. We used furthermore a current amplifier and
standard direct current detection equipment. In dots were used to
contact the top surface of the upper layer (inset in Fig. 1).

Fig. 1 shows the measured TSC current as a function of tempera-
ture for a 2 μm-thick highly doped InP:Fe layer grown over a semi-
insulating InP:Fe substrate (dark gray line). We observe three TSC
peaks at 85.8, 121, and 232 K. Using the empirical relation, Ea � 23kBT

[9], this leads to activation energies of, respectively, Ea¼0.17, 0.24, and
0.46 eV below the conduction band Ec. The deepest level observed
with activation energy 0.46 eV below Ec corresponds to the major
electron trap that was observed at undoped and doped InP [10,11].

Furthermore, other trap levels such as 0.24 eV and 0.32 eV
associated with P-vacancies, or, 0.52 eV, associated with native point
defects, can evolve under different grow stages [11]. The second TSC
peak can be attributed to thewell known electron trap associated with
P-vacancies with an activation energy of 0.24 eV. The peaks from Fe
levels (0.68 eV, Fig. 3) cannot be observed because the Fe acceptor is a
also a recombination center [12]. No TSC current is observed after light
excitation of the pure 350 μm-thick semi-insulating InP:Fe substrate
(light gray line in Fig. 1).

In a previous study we reported the improved crystal quality
and the heat extraction capabilities of BH-QCLs using InP:Fe lateral
cladding. This improvement was achieved placing a thin (20 nm)
In0:52Al0:48As spacer layer between the laser ridge sidewalls and
the InP:Fe insulating layers [3]. As we show next, such a spacer
layer has also interesting consequences for our MBE-grown InP:Fe/
InP:Fe (substrate) system.

The black line of Fig. 1 represents the measured TSC current for the
samematerial system as in the dark gray line, yet with a 0:18 μM-thick
In0:52Al0:48As spacer layer grown in between. The spacer layer is
Be-doped with a doping concentration of 4� 1017 cm�3 in order to
compensate the background n-doping. No TSC peaks are observed. The
MBE growth of InAlAs in AsH3 atmosphere seems to have the
interesting faculty to suppress shallow trap states, which are, as the
evidence suggests, mostly located at the surface between the InP:Fe
layer and the semi-insulating substrate.

2.2. Activation energy and specific resistivity

With the goal of integrate InAlAs and InP:Fe layers in the fabr-
ication of QCLs we investigate their electrical transport cha-
racteristics.

The room-temperature resistivity is determined from current–
voltage measurements. Fig. 2 shows the current density as a function
of applied electric field for a 4 μm InAlAs film grown over a highly
conductive InP:S substrate. Here, again, the InAlAs layer was doped
with Be-atoms acting as shallow acceptors in order to compen-
sate the background n-doping. The Be doping concentration was
4� 1017 cm�3. For measurements, we evaporated and annealed
ohmic Au:Cr contacts to the both the top surface of the InAlAs and
to the substrate (inset in Fig. 2).

A room-temperature resistivity 3� 107 Ω cm is measured from
the linear region up to a 20 kV/cm electric field. This value is
approximately one order of magnitude lower than the measured

Fig. 1. Direct current measured after the excitation of the samples with near-
infrared light as a function temperature. Arrows indicate the estimated activation
energies, corresponding to peak TSC values at 85.8, 121, and 232 K. The heating rate
was about 10 K/min. The inset is a schematic representation of a sample's geometry
used for measurement.

Fig. 2. Measured current density as a function of electric field for a 4 μm InAlAs
(dots) and a 3 μm InP:Fe film at room temperature. Solid lines show best fits to the
data, resulting in the indicated resistivities. The inset is a schematic representation
of the sample's geometry used for measurements.
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room-temperature resistivity of a 3 μM InP:Fe film, which achieves
values up to 2� 108 Ω cm (Fig. 2, solid hexagons). The measured
value of 3� 107 Ω cm is, however, still a good result: leakage
currents through InAlAs layers in QCLs with such high resistivity
would lie in the milliamperes order of magnitude, an insignificant
current compared to laser drive currents of several amperes.

Finally, we measure the resistivity as a function of tempera-
ture of thin InAlAs and InP:Fe layers. Results are summarized in Fig. 3.
For InAlAs, the measured resistivity values range between 2:4
and 0:3� 105 Ω cm for the temperature range 390–440 K. These
values are by a factor 2–3 smaller than the measured values for the
semi-insulating InP:Fe layer. Using an exponential fit we obtain a
thermal activation energy for InAlAs of about 0.79 eV below the
conduction band. We attribute this value to a deep trap level indu-
ced by the Al atoms. The measured activation energy for the InP:Fe
layer, 0.68 eV, corresponds to the activation energy for the deep
Fe-acceptor [12,2].

3. Implications for laser performance

We investigate the application of InAlAs and InP:Fe as cladding
layers in BH-QCLs. For our study we choose a mid-infrared QCL design
emitting at the central wavelength of 5:7 μm. The active region design
is based on the strain-compensated InGaAs/InAlAs heterosystem and
includes highly strained AlAs extraction barriers [13–17,6]. The high
conduction band discontinuity achieved by the AlAs barriers reduces
carriers leakage and contributes to a high temperature performance of
the lasers. The layer thicknesses in nm are 3.8/1.7/2.0/2.5/[0.5]/2.5/2.0/
2.3/[0.5]/2.3/1.0/1.7/[0.5]/1.7/1.0/1.6/[0.5]/1.6/1.0 /1.5 /[0.5]/1.5/1.0/1.3
/[0.5]/1.3/2.8/1.2 /[0.5]/1.2/[0.5]/3.4 /0.8 /[0.5]/0.8. AlAs layers are in
bold, In0:53Ga0:47As layers are in roman, In0:52Al0:48As layers are in
italics, and InAs layers are in square brackets. Underlined layers are
doped to 5� 1017 cm�3.

The QCL structure containing 40 active periods was grown on a
low-doped (n¼ 2� 1017 cm�3) InP:S substrate, which serves as the
lower cladding layer. The epitaxial growth was carried out, as all
samples presented in this work, in a Riber Compact 21T GSMBE
system, which uses solid sources for the group-III elements, while As
and P are supplied by pre-cracked arsine (AH3) and phosphine (PH3).
The epitaxy sequence consists of 100 nm InP:Si (n¼ 1� 1017 cm�3),
250 nm of lattice matched InGaAs:Si spacer (n¼ 7� 1016 cm�3), the
2:2 μm-thick active region (40 cascades), 250 nm of lattice matched
InGaAs:Si spacer (n¼ 7� 1016 cm�3), 3 μm (n¼ 1� 1017 cm�3)
InP:Si, and 1 μm (n¼ 3� 1018 cm�3) InP:Si top cladding.

After the primary growth of the laser structure, the wafer was
cleaved and the quarter wafers were processed into laser ridges.
The processing steps included conventional photo-lithography
techniques, wet chemical etching, and lift-off [18,3]. The proces-
sing of each quarter wafer differs in the resulting laser shape,
width, and in the used material for lateral cladding:

� Quarter wafer A was processed into laser ridges of width w¼25 μ
m using a 30 μm wide SiO2 dielectric etch-mask oriented along
the ð110Þ crystallographic direction. Stripes were etched in a HBr :
HCl : H2O2 : H2O (10:5:1:50) solution. Electrical insulation and
lateral optical confinement of the laser mode were achieved by
reactive magnetron sputtering deposition of approximately
500 nm SiO2 described elsewhere [18].

� Quarter wafer B was processed into 10:5 μm-width stripes
oriented perpendicular to the ð110Þ crystallographic direction
using a 10 μm wide SiO2 dielectric etch-mask. The stripes with
etched with the same solution as in quarter wafer A, rinsed
with deionized water and dried with nitrogen. Because of the
crystallographic orientation the etched stripes the sidewalls are
tilted by 451 with respect to the direction of growth. The
sample was loaded into the MBE for regrowth of InAlAs of
2:7 μm-thick. No InP:Fe overgrowth followed. After the
regrowth the etch-mask was removed in buffered HF and so
the access to the top laser contact was achieved.

� Quarter wafer C and D were processed into narrow laser ridges of
9:3 μm and 14:4 μm width, respectively, using the method
described in Ref. [3]. After etching the laser stripe along the
ð110Þ crystallographic direction as in the case of sample A, the
sample was loaded into the MBE loadlock for regrowth. The wafer
was heated in an AsH3 flux and the regrowth started with the 20-
nm InAlAs spacer layer. Immediately after, the gas flux was
switched to PH3 and the overgrowth continued with InP:Fe
(2:5 μm-thick) [3]. It is important to note that both the primary
growth of the laser structure and the secondary growth (InAlAs
and InP:Fe) were carried out in the same GSMBE system.

Top metallization was done in all samples by thermal evapora-
tion of Cr/Au. After processing, laser bars of different length were
cleaved and soldered epi-up into Cu heat sinks. Laser facets were
left uncoated. The devices were mounted in a nitrogen-low
cryostat for temperature-dependent measurements and the laser
heat sink temperature was registered using a Pt100 thermocouple.
Key characteristics of laser bars fabricated from samples A, B, C,
and D are summarized in Table 1.

Fig. 4 shows the measured threshold current density Jth as a
function of temperature for 4 mm-long stripes of samples A, B, C, and
D. The lasers were operated in pulsed mode with 100 ns current
pulses and a repetition frequency of 10 kHz (0.1%d.c). Higher threshold
current densities are measured for narrower stripes (samples B, C, and
D) as for the wide stripes (sample A). This trend has been observed
before and is related to the poorer optical confinement capabilities of
the laser mode in narrower stripes (see for example Ref. [3]). As a
matter of fact, following 1/L-measurements, a lower modal gain
coefficient (laser gain pro injected current density) gc is measured
for sample C (8.0 cm/kA at 300 K) as for sample A (11.5 cm/kA at
300 K). And an even smaller modal gain coefficient is measured for
sample B (2.35 cm/kA at 300 K). We attribute the small gc for sample B
to the poor optical confinement of the laser mode. However, it is not
clear why sample B should have such a bad optical confinement,
especially if we consider the fact that the refractive index of the InAlAs
burying layer should be more or less similar than InP (samples C
and D).

The measured threshold current densities at room temperature
for samples A, B, C, and D, are, respectively, 1.76, 10.15, 3.12, and
2.25 kA/cm2 (L¼4 mm). We observe a reduction of Jth by �30% in

Fig. 3. Measured resistivity as a function of reciprocal temperature for a 4 μm
InAlAs (dots) and a 5 μm InP:Fe film. Solid lines represent best fits to the data,
resulting in the indicated activation energies. The inset is a schematic representa-
tion of the sample's geometry used for measurements.
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sample D with respect to sample C. We attribute this fact to the
better optical confinement capabilities of the wider stripe D. The
threshold voltage is nearly the same for all samples Uth � 17 V.

The waveguide loss αw, estimated from 1/L-measurements, is in all
samples nearly the same (αw � 18 cm�1 at 300 K). This is expected
because the waveguide loss is mainly determined by the free carrier
absorption in the active region and the highly doped vertical cladding
layers, which is in all samples the same. Furthermore, as suggested by
the same threshold current characteristic temperature T0 � 150 K

measured for all samples (Table 1), no temperature-driven leakage
current paths are activated by the presence of the InAlAs layer.

Fig. 5 shows the measured peak optical power as a function of
injection current for sample D at two different heat sink temperatures.
We measure differential slope efficiencies as high as 0.7 W/A at 80 K
and 0.22 at 300 K, which corresponds to a quantum efficiency per
cascade of 8% and 2.5%, respectively.

4. Conclusions

Thin InAlAs layers not only improve the morphology of the
interface between the laser core and the InP:Fe layers in BH-QCLs,
improving heat extraction out of the laser core and allowing cw
operation [3], but also offers excellent electrical insulation due to
room-temperature resistivities up to 3� 107 Ω cm. We observe
furthermore the suppression of shallow trap levels in InP:Fe when
growing an InAlAs spacer between highly doped InP:Fe and a semi-
insulating InP:Fe substrate. Fabrication of a BH-QCL using InP:Fe lateral
cladding with an InAlAs spacer led to a room-temperature threshold
current density in pulsed operation mode of 2.25 kA/cm2 for a
4 mm� 14:4 μm laser stripe with emission wavelength of 5:7 μm.
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Table 1
Summarized characteristics of L¼ 4 mm-long laser bars fabricated from quarter
wafers A, B, C, and D. w represents the laser stripe width, Jth is the threshold current
density, gc is the modal gain coefficient, and T0 is the threshold current character-
istic temperature. Jth and gc are measured for a heat sink temperature of 300 K. T0 is
measured within the temperature range 100�300 K.

Sample Lateral cladding w
(μm)

Jth (kA/
cm2)

gc (cm/
kA)

T0
(K)

A [500 nm] SiO2 25 1.76 11.5 150
B [2:7 μm] InAlAs 10.5 10.15 2.35 151
C [20 nm] InAlAs/[2:5 μm] InP:

Fe
9.3 3.12 8.0 150

D [20 nm] InAlAs/[2:5 μm] InP:
Fe

14.4 2.25 11.0 151

Fig. 4. Measured threshold current density as a function of temperature for QCL
stripes of 4 mm length. All devices were fabricated from the same wafer and
operated in pulsed mode with 100 ns current pulses and a repetition frequency of
10 kHz. Dashed lines represent exponential fits to the data, resulting in nearly the
same threshold current characteristic temperatures T0 � 150 K for all samples.
Further characteristics are specified in Table 1.

Fig. 5. Measured peak optical power as a function of injection current for a
14:4 μm-wide stripe BH-QCL using InAlAs/InP:Fe lateral cladding. The dashed lines
represent linear fits to the data resulting in differential slope efficiencies of 0.7 W/A
at 80 K and 0.22 at 300 K.
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a b s t r a c t

The molecular beam epitaxial growth and optimization of antimony-based interband cascade photo-
detectors, on both GaSb and GaAs substrates, are presented. Material characterization techniques,
including X-ray diffraction, atomic force microscopy, and cross-sectional transmission electron micro-
scopy, are used to evaluate the epitaxial material quality. This work has led to the demonstration of mid-
infrared photodetectors operational up to a record-high 450 K, and a dark current density as low as
1.10�10�7 A/cm2 at 150 K. The results also suggest that further improved material quality and device
performance can be expected via optimization of growth parameters.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

The InAs/GaSb type-II strained layer superlattice (T2-SL) is
widely regarded as a viable alternative to the dominant HgCdTe
technology for infrared (IR) detection [1]. Over the past decade,
significant progress in both scientific and technological aspects has
been made [2]. Despite the relatively short carrier lifetime in InAs/
GaSb T2-SLs, researchers managed to take advantage of the great
versatility in energy band alignment. The detector performances
are steadily approaching the well-investigated HgCdTe and InSb
technologies [1,2]. Driven by the increasing demand to shrink the
size, weight, and power consumption (SWaP) of IR imaging
systems, the development of high operating temperature (HOT)
IR detectors and imagers is of great interest. The key issue/
challenge for the InAs/GaSb T2-SL HOT applications is the rela-
tively short carrier lifetime, which results in pronounced
generation-recombination noise and inferior photo-carrier collec-
tion at HOTs, therefore degrading the attainable detector perfor-
mances. One possible way to promote the photo-carrier extraction
in InAs/GaSb T2-SL photodetectors at HOTs is to use a multi-
junction/stage design with multiple thin absorbers, such as Inter-
band Cascade (IC) detectors [3–7]. The multi-stage design could
also be beneficial for detector noise suppression, by means of
incorporating unipolar barriers and designing devices to operate
under/near zero-bias conditions [5–7].

This paper describes the development of HOT InAs/GaSb T2-SL
photodetectors. By adopting the so-called IC structure [4–9], high

performance mid-IR detectors operational well above room tem-
peratures are realized. By uniquely combining several different
carrier transport mechanisms, many distinctive and highly desirable
features are obtained in IC photodetectors [4–7]. The devices consist
of multiple stages that are electrically connected in series. In each
stage, there are three different regions: an electron barrier (eB), an
InAs/GaSb T2-SL absorber, and an electron relaxation (eR) region.

The basic operation principle of IC detectors is shown in Fig. 1:
the incoming photons are absorbed in the moderately thin InAs/
GaSb T2-SL region, creating photo-excited electrons. Due to the
existence of unipolar barriers to the left of the absorber, photo-
generated electrons can only travel towards the right. The electrons
will then travel through the eR region via ultra-fast longitudinal
optical-phonon assistance inter-subband relaxation, and subse-
quently tunnel into the valence band of the next stage. By
implementing this ultra-fast electron transport channel into the
device, a large lifetime contrast (between carrier recombination and
transport) is created in the IC detectors, despite the short carrier
lifetime in InAs/GaSb T2-SLs. Combined with the implementation of
unipolar barriers and its zero-bias operation capabilities, IC detec-
tors are capable of very high temperature operation [6,7].

In order to facilitate such a relatively complicated device con-
cept, a quantum-engineered AlSb/InAs/GaSb-based layered struc-
ture is adopted. As shown in Fig. 1, an IC photodetector consists of
several alternating chirped superlattice or coupled quantum wells
(QWs) regions, whose constituent materials and layer thicknesses
vary. The eB region is made of GaSb/AlSb multiple QWs, the
absorber consists of InAs/GaSb superlattices, and the eR region is
made of a series of InAs/AlSb coupled QWs. The optimum growth
conditions for these constituent materials, for example the growth
temperature for InAs/InSb and AlSb, are quite different. More
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importantly, as the operation of IC detectors depends entirely on
the proper energy band alignment, enabled by the quantum-
confinement effect in the QW structures, these layer thicknesses
are critical and therefore need to be precisely controlled. This is
particularly true for mid-IR IC devices, where thinner QW layers are
used and the band alignment is more sensitive to layer thickness
variations. In addition, the strain in each stage and in individual
regions has to be balanced in order to ensure better crystal quality.
Therefore, the growth of such a complicated IC detector structure is
very challenging, particularly for epitaxial systems without redun-
dant sources. This paper elaborates the epitaxial growth and
optimization of mid-IR IC photodetectors.

2. Experimental procedure

The materials are grown with a Veeco Gen-10 molecular beam
epitaxy (MBE) system, which is equipped with group-III SUMO cells
and group-V valved crackers. For the group-III SUMO cells, the tip
filament for Gallium and Indium cells are kept at higher tempera-
tures (100–120 1C higher than the base temperatures) to reduce the
spitting/oval defects, and a cold-lipped Aluminum SUMO cell is used
to avoid source material creeping. For the group-V As and Sb
crackers, the cracking zone temperatures are set to 900 1C (a mixture
of dimers and monomers). The growth rates of the group-III sources
are determined by multiple-point Reflection High-Energy Electron
Diffraction (RHEED) oscillations, and are routinely verified by mon-
itoring the beam equivalent pressure (BEP) of each source, as well as
from constituent layer thicknesses in superlattice calibration sam-
ples. The optimum growth temperatures, growth rates and V/III
ratios are determined by the optical (maximum photoluminescence
PL intensity) and crystal qualities (as determined from the surface
morphology and X-ray diffractions) through a series of superlattice
calibration samples prior to the growth of device wafers.

The typical MBE growth sequence for IC detectors grown on (001)
GaSb substrates is as follows: the substrate is transferred into the
growth chamber for oxide desorption, performed under excess Sb
flux at 540–550 1C, as determined by an InGaAs pyrometer. Complete
oxide desorption from the GaSb substrate is ensured by a streaky
1�3 RHEED reconstruction pattern. The substrate is then cooled
down to �500 1C for a 200–400 nm p-GaSb buffer layer growth, to
obtain a smooth surface. The GaSb buffer layer, which is doped to
5�1018 cm�3 with Beryllium, also serves as the bottom contact. The
5-stage IC structure is subsequently grown, with the overall strain

balanced in each individual region. In this work, strain balancing is
achieved by two approaches – proper device structure design and
carefully tuned growth sequence and parameters. The growth is then
finalized by a thin (10–15 nm) n-InAs top contact layer doped with
Tellurium. For the cascade stage growth, the substrate temperature is
set at 400–420 1C. During the growth of InAs/GaSb T2-SL absorber
region, the growth rate of InAs is 0.9 Å/sec, with an As/In ratio of �3,
and the GaSb growth rate is 0.9 Å/sec, with a Sb/Ga ratio of 4.5. InSb-
like interfacial layers are used in the InAs/GaSb T2-SL absorber
regions for better crystal and optical quality [10]. Because of the
existence of residual As flux during the GaSb layer growth and the
higher sticking coefficient of As over Sb, about 9% Arsenic was found
to be incorporated into the GaSb thin layers. In fact, As incorporation
is found in all Sb-containing layers, which will require further
attention in fine tuning the device design and strain balancing.

There has also been considerable interest in the development of
high performance IR photodetectors on GaAs substrates, to further
reduce cost and enable large-format focal plane arrays (FPAs). The
major challenge here is to properly accommodate the 7.8% lattice
mismatch between GaAs and GaSb, which could produce excessive
amount of threading dislocations, resulting in severely degraded
crystal quality and carrier lifetime. Nonetheless, due to the uniquely
high lifetime contrast in IC detectors, one would expect IC detectors
to be less susceptible to the inferior material quality. In this study,
for IC detectors grown on (001) GaAs substrates, an interfacial misfit
array (IMF) method [11] is adapted. After the oxide desorption on
GaAs substrate, a 300-nm GaAs layer is first deposited to obtain a
smooth surface, and then the sample is exposed to excess Sb
overpressure while the substrate temperature is brought down to
�500 1C. An 800-nm p-GaSb buffer layer (which also serves as the
bottom contact) is then grown. The 5-stage mid-IR IC device
structure is grown subsequently, with identical growth parameters.

After growth, the crystal quality and surface morphology of the
epitaxial structures are characterized by X-ray diffraction (XRD),
atomic force microscopy (AFM), and cross-sectional transmission
electron microscopy (TEM). The samples are then processed into
single-pixel devices, to further characterize electrical and optical
performances of the detector. One sample grown on GaSb sub-
strate is processed into a 320�256 FPA, and IR images acquired by
the mid-IR IC FPA are demonstrated.

3. Results and discussion

The sample surface morphology and crystal quality are evaluated
by optical and electron microscopy, AFM, XRD, and room temperature
photoluminescence (PL). The XRD rocking curves are recorded in the
vicinity of the symmetrical (004) GaSb diffraction spot. The represen-
tative XRD pattern of an IC detector sample is shown in Fig. 2, and the
inset is an enlarged view of the rocking curve close to the substrate
peak. Sharp satellite peaks up to 8th order are observed, indicating
high structural quality of the samples. The InAs/GaSb T2-SL absorber
overall shows good material quality, as indicated by the strong room
temperature PL (not included here) and the sharp satellite peaks in
XRD rocking curves (the FWHM of the satellite peaks is around
26 arcseconds, as measured from InAs/GaSb T2-SL calibration sam-
ples). The overall strain in the epitaxial structure is within 50 arcse-
conds for the 5-stage IC detector samples. The extracted period of the
cascade stage is around 220 nm, which is in good agreement with the
device design (about 0.4% thicker than the design).

The wafers are then processed into single-pixel photodetectors for
device performance evaluation. These mid-IR IC detectors are opera-
tional up to 450 K under zero-bias, as shown in Fig. 3a. To the best of
our knowledge, this is the highest operation temperature reported
for IR photodetectors [7,9]. The promising optical performance of IC
detectors is attributed to the high lifetime contrast and efficient

Fig. 1. Band structure diagram in (two-stage) interband cascade photodetectors.
Incoming photons are absorbed in the InAs/GaSb T2-SL absorbers, generating
electron–hole pairs. Electrons diffuse into the electron relaxation region, and then
effectively transport into the valence band of the next stage, through fast LO
phonon-assisted inter-subband relaxation and interband tunneling.
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photo-carrier extraction. The IC device also shows very low dark
current over the whole temperature range [6,9]. The dark current
density is as low as 1.10�10�7 A/cm2 at 150 K, which is better than
that estimated from HgCdTe Rule07 [6,12]. Because of the optimized
MBE growth and improved device design, the 5-stage mid-IR IC
detector has obtained a Johnson-limited Dn of 1.81�1011 and
1.59�109 cm Hz1/2/W at 150 K and room temperature, respectively.
The sample is further processed into the first IC focal plane array
(FPA), and is hybridized with a standard commercial read-out circuit
(Indigo ISC9705) [7]. The pixel size for the 320�256 IC FPA is
24�24 mm2, with a filling-factor of 72%. Even with the 0.7-mm total
absorber (corresponds to an external quantum efficiency of 3.1% for
our 5-stage design) and non-optimal fabrication, the mid-IR IC FPA is
operational above 180 K, with a noise equivalent temperature
difference (NEDT) of 28 mK at 120 K [7]. Fig. 3b is a thermal image
acquired with the IC FPA operated at 80 K. The blood vein is clearly
visible, indicating very good temporal and spatial resolution for the
IC IR images.

Despite the excellent performance of the IC detectors, the AFM
topography results suggest that the MBE growth of these mid-IR IC
detector wafers can be further improved. The surface morphology
shows slightly rough surfaces. The typical RMS roughness obtained
from the 5�5 mm2 AFM scans is around 3.5 Å. In order to gain some
further insights into the material growth, one mid-IR IC detector
sample is examined by cross-sectional TEM. As shown in Fig. 4a, the
layer structures in each region of the IC detector are well defined
and clearly visible, and no structural defects are observed across
large lateral distances. Nonetheless, some interfacial roughness is
observed in the AlSb/InAs eR regions. The roughness could be either
introduced from the non-optimumMBE growth condition or due to
the oxidization of thin AlSb layers.

To further investigate the observed excess roughness in AlSb/
InAs eR region, a set of AlSb/InAs superlattice samples are then
grown and characterized in detail. Our result indicates that greatly
improved crystal quality and smoother surfaces can be obtained by
increasing the growth temperature to 415–470 1C during the AlSb/
InAs region growth [13]. Since the optimal MBE growth tempera-
ture for of InAs/GaSb T2-SL is around 400–420 1C, a lower substrate
temperature is desirable for IC detector growth. Fig. 5 shows the
XRD rocking curves and AFM surface topography as obtained from
AlSb/InAs superlattice calibration samples grown at different sub-
strate temperatures. Sample A grown at 415 1C clearly shows
sharper satellite peaks, and the surface is much smoother than
sample B grown at 400 1C. The RMS roughness of the InAs/AlSb

superlattice has improved from 3.5 nm to 0.6 nm by fine tuning the
MBE growth temperature. The recently fabricated single-pixel IC
device, which implemented with the InAs/AlSb eR growth optimi-
zation, has shown improved dark current performance. Detailed
investigation is underway and will be reported elsewhere.

To enable low-cost and large-format IR FPA technology, our
effort has also extended to the development of IC detectors on GaAs
substrates. By using an interfacial misfit array between GaAs and
GaSb layers, the 7.78% lattice mismatch is accommodated by the
formation of periodic 2D 901 misfit dislocations along the interface
[10]. With the IMF technology, the XRD FWHM peak of the 0.5-mm-
thick GaSb buffer layer grown on GaAs substrate is around 290 arc-
seconds. The relatively broad FWHM of the GaSb layer is attributed
to the small residual strain (less than 2%) in the epitaxial layer [14].
As expected, the IC structure grown on GaAs has a much rougher
surface, as shown by the AFM scan in the inset of Fig. 6, with RMS
roughness of 1.95 nm over the 5�5 mm2 area. The surface mor-
phology is very similar to the typical fluctuation reported for IMF
method in the literature [15]. Fig. 6 shows the XRD rocking curves
for IC detectors grown on GaAs and GaSb substrates.

Despite the non-optimal growth of the mid-IR IC detector on a
GaAs substrate, the single-pixel devices are operational well above
room temperature. The dark current density is as low as 12.4 mA/cm2

at 200 K, which is only two times higher than that of an IC detector
grown on GaSb. The Johnson-limited Dn is 1.44�109 cm Hz1/2/W at
300 K, which shows significant improvement (about 2.5 times
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Fig. 2. XRD pattern of 5-stage antimony-based mid-IR IC detector grown on GaSb
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higher) over the best previously reported result [16]. It is expected
that, by optimizing the buffer layer technology to accommodate the
residual strain (for example, by using a thicker GaSb buffer layer
grown at lower temperature), the material quality can be further
improved, and better device performance would be achieved.

4. Summary

In summary, MBE growth optimization of quantum-engineered
mid-IR interband cascade photodetectors is presented. With its
complex structure and a wide range of MBE growth parameters,
we have first focused on obtaining better optical and crystal quality.
This allows the demonstration of mid-IR IC detectors operational
well above room temperature. The dark current is as low as at
1.10�10�7 A/cm2 and Johnson-limited Dn at 1.81�1011 cm Hz1/2/W
at 150 K. In addition, the development of mid-IR IC detectors on a
GaAs substrate is also reported. By using the interfacial misfit array
method and 0.8-mm-thick GaSb buffer layer to accommodate the 7.8%

lattice mismatch, the device shows comparable performance to IC
devices grown on GaSb substrates. Further improvements in material
quality are expected by refining the growth parameters, and better
device performance should also be achieved.
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a b s t r a c t

An interband cascade (IC) laser structure with an emission wavelength designed to be near 11 μm was
grown by molecular beam epitaxy on an InAs substrate. Defects and surface smoothness, as well as the
overall crystalline quality, were characterized by optical microscopy, atomic force microscopy and X-ray
diffraction. The maximum operating temperatures of a broad-area IC laser device in CW and pulsed
modes were 97 K and 130 K, respectively, at an emission wavelength of 11 μm, which is the longest
wavelength among interband lasers based on III–V semiconductor materials. The pulsed threshold
current density at 80 K was measured to be 72 A/cm2. The performance of this IC laser device may be
limited by intersubband absorption loss in the active region and an unidentified carrier leakage channel.

Published by Elsevier B.V.

1. Introduction

With increasing emission wavelength, conventional interband
lasers suffer from the limitation of the bandgaps of available
semiconductor alloys, the difficulty of material growth, and the
increase in free-carrier absorption loss and Auger recombination.
IV–VI semiconductor lasers that can operate at low temperatures
in the long-wavelength infrared region [1], have a relatively high
threshold current and low output power, partly because IV–VI
growth and device processing are still immature compared to
those for the III–V material systems. Interband cascade (IC) lasers
[2] that contain type-II quantum-well (QW) active regions, as a
counterpart to the well-known intersubband quantum cascade
(QC) lasers [3], have the same advantages of a cascade configura-
tion and the ability to tailor their wavelength without being
directly limited by the bandgaps of the constituent materials.
Furthermore, the power consumption of IC lasers can be much
lower than that of QC lasers, which will benefit some applications
especially where energy cost is a concern.

IC lasers made of InAs/GaSb/AlSb materials on GaSb substrates
have demonstrated superior performance in the wavelength range
from 3 to 6 μm [4]. However, extending to longer wavelengths is
difficult because the cladding regions, which consist of hundreds
of InAs/AlSb superlattice (SL) layers, have to be significantly

thickened to accommodate the longer optical wave decay length.
These thick SL layers increase the complexity of the molecular
beam epitaxy (MBE) growth, as well as the thermal resistance of
the device due to the much lower thermal conductivity of SL layers
compared to bulk binary materials. For longer wavelengths, IC
lasers with InAs plasmon cladding layers grown on InAs substrates
would have significant benefits because of the lower refractive
index and the higher thermal conductivity of the InAs plasmon
cladding layers. These benefits have been demonstrated with room
temperature operation beyond 6 μm [5], as well as lasing up to
10.4 μm [6]. In this paper, we report the MBE growth of an InAs-
based IC laser structure with an emission wavelength at 11 μm, the
longest lasing wavelength achieved for III–V interband semicon-
ductor lasers. The maximum operating temperatures reached for a
broad-area device were 97 and 130 K in CW and pulsed mode,
respectively.

2. Epitaxial growth and material characterizations

The IC laser structure was grown on an epi-ready S-doped
(n�2.5�1018 cm�3) InAs substrate using an Intevac GEN II MBE
system equipped with a valved As cracker and an unvalved Sb
cracker. The growth temperature was monitored by an IRCON
Modline 3 infrared pyrometer, which was calibrated using the
GaSb surface reconstruction transition from (1�3) to (2�5) [7].
The growth rates for group III sources (In, Ga and Al) were
calibrated by intensity oscillations of the reflection high-energy
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electron diffraction (RHEED) patterns prior to the growth of the IC
laser structure. Moderate growth rates were adopted to grow
Ga- and Al-containing alloys, compared to a low growth rate
(0.22 ML/s) for InAs, which was found to be optimum in our
previous growths of laser structures [8]. The cracker zones for both
As and Sb were kept at 900 1C to provide stable beams mostly
composed of As2 and Sb2, respectively. While the flux ratios of
Sb2/Ga and Sb2/Al were both maintained around 3, the As2/In flux
ratio was kept near 8 to achieve a slight As2 overpressure as
determined by the observation of an As-rich (2�4) surface under
RHEED observation. During growth, the As-valve position was kept
constant and only the shutter was used to control the As flux for
the different layers. The whole structure was grown at 400 1C as a
compromise between the optimal growth windows for the thick
InAs layers and the ultra-thin InAs/AlSb/Ga(In)Sb layers in the
cascade regions.

After the oxide desorption process described in Ref. [8] was
completed, the growth was initiated with a 2.3 μm highly n-doped
(Si, �7�1018 cm�3) InAs layer as a bottom plasmon waveguide
cladding layer. Then a (�1.9 μm) unintentionally doped InAs
separate confinement layer (SCL) was grown, followed by the 20
cascade stages (46.2 nm per stage) for achieving an optical gain
that is sufficient to overcome the likely increased optical loss
expected for the longer wavelength range. Next, a top (�2.5 μm)
unintentionally doped InAs SCL was grown and the growth ended
with 35 nm of highly n-doped (Si, �7�1018 cm�3) InAs as the top
contact layer. Each cascade stage was composed of an n-type
electron injector made of InAs/AlSb multiple QWs, an active region
(InAs/Ga0.65In0.35Sb/InAs, 38/28/33.5 Å, similar to “W”-shape QWs
[9]) and a hole injector (GaSb/AlSb QWs). Because InAs has the
smallest lattice constant among all the alloys in the IC laser
structure, strain balance for the whole structure to the InAs
substrate was achieved by using AlAs interfaces in the electron/
hole injection regions. Otherwise, there was no intentional shutter
sequence at the interfaces between the ultra-thin alloy layers.
Some of the InAs QWs in the electron injector were heavily
n-doped to �2.3�1018 cm�3 to rebalance the hole concentration
[10]. The entire growth time exceeded 30 h as the total thickness
was close to 8 μm.

After growth, the wafer was first assessed by differential inter-
ference contrast (DIC) microscopy for surface defects and texture. The
surface defect density ranged from 7�103 to 2�104 cm�2 over the
wafer. This density is comparable to the average etch pit density
(EPD) of �1.5�104 cm�2 for the InAs substrate, as specified by the
substrate supplier. Despite the long growth time for this thick
structure, there was no appreciable increase in the defect density.
Besides the limited defect density, the surface looks flat and feature-
less. The surface smoothness was quantified using an Asylum MFP-
3D-BIO atomic force microscope (AFM). The AFM image (Fig. 1)
shows uniform steps with atomic step edges, as expected from the
InAs substrate miscut of �0.351 from (100) toward (111)A. On the
2 μm�2 μm scan area the root-mean-square (RMS) roughness is
only 0.1 nm.

The crystalline quality of the IC laser structure was characterized
using a Philips MRD X-ray diffraction (XRD) system. Fig. 2 (top)
shows experimental data from an XRD omega/2θ scan around the
InAs (004) reflection for the IC laser structure. Numerous sharp and
narrow satellite peaks over 731 around the InAs substrate peak
were observed (430 orders at each side of the substrate peak with
FWHM less than 30''), indicating that the structure has an excellent
crystalline quality. A simulated XRD curve (Fig. 2, bottom) based on
the designed IC laser structure was calculated using a commercial
XRD simulator (X'pert Epitaxy). The average thickness per stage in
the cascade region of the IC laser structure (47.5 nm as derived from
the spacing of the satellite peaks) is only 3% more than design value.
The experimental and simulated curves are nearly identical to each

other, demonstrating that the MBE growth was well controlled over
the long growth time.

3. Device results and discussion

In order to reduce the influences of device processing and
quickly evaluate the device performance, broad-area IC lasers were
fabricated. The 150-μm-wide mesas were defined using UV contact
lithography and wet-chemical etching. The etching proceeded to
the bottom SCL to prevent lateral current spreading. A 220-nm-
thick, 90-μm-wide SiO2 insulating layer was deposited and litho-
graphically defined (through lift-off) on the center of the mesa
stripe, followed by the deposition and lithographic defining
(through lift off) of a 30/300-nm-thick and 100-μm-wide Ti/Au
layer that contacted the top InAs layer for current injection. After
thinning the wafer down to �150 μm, the processing was finished
by Ti/Au metallization on the substrate side of the wafer. All the
depositions were done using magnetron sputtering. A schematic
of the processed broad-area device is shown in Fig. 3. The SiO2

insulating layer combined with the top metal layer, constitute the
dielectric-metal hybrid top cladding layers used to confine optical
wave [11]. Our waveguide simulation suggests that the confine-
ment factor and free-carrier absorption loss in this 20-stage laser
(without accounting for possible absorption loss due to intersub-
band transitions in the active region) are very similar to the
previous 15-stage 9.1 μm IC lasers reported in Ref. [6].

The fabricated broad-area laser wafer was cleaved into bars with
a cavity length ranging from 1 to 2 mm, which were mounted epi-
side up on a copper heat sink with indium solder and then wire
bonded. The emission spectra were acquired by a Nicolet Fourier
transform infrared (FTIR) spectrometer equipped with a liquid
nitrogen cooled mercury cadmium telluride (MCT) detector. In CW

Fig. 1. A 2 μm X 2 μm atomic force microscope image of the IC laser structure's
surface.

Fig. 2. (Top) Experimental XRD curve from an omega/2θ scan around the InAs
(004) reflection for the IC laser structure. (Bottom) Corresponding simulated XRD
curve calculated for the designed structure.
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mode, a 1.6-mm-long device lased near 10.8 μm at 80 K, and was
operated at up to 97 K with an emission wavelength at 11.1 μm, as
shown in the inset to Fig. 4. The threshold current density at 80 K in
CW mode was 95 A/cm2, much higher than the �10 A/cm2 for IC
lasers near �9 μm operated under the same conditions [6]. The
threshold voltage was 3.9 V at 80 K, corresponding to a voltage
efficiency of 61% that is lower than a typical value (e.g. 90%) for InAs-
based IC lasers.

Additionally, current–voltage characteristics exhibited some
abnormal behavior—i.e., the slope that corresponds to the differ-
ential resistance had an abrupt drop well before the current
reached the threshold, as shown in Fig. 4. Emission spectra were
taken at several injection current levels around that point
(�150 mA) at 80 K to examine whether the device had lased or
not. As shown in the inset to Fig. 4, electroluminescence peaks at
currents below the threshold (�230 mA) were broad (4120 nm)
in contrast to the narrow lasing spectrum. This confirmed that the
device did not lase before the current reached 230 mA. Other IC
lasers from the same wafer also exhibited an abrupt drop in
differential resistance at various current densities before thresh-
old. The devices, which had this pre-threshold drop in the
differential resistance at smaller currents, had higher threshold
currents, suggesting a correlation with defect related leakage and
material non-uniformity. The abrupt drop in differential resistance
might be caused by the activation of a carrier leakage channel,
which increases the threshold current density and reduces the
output power. The device at 80 K had an output power of
�3.6 mW/facet at 600 mA (Fig. 4), which is much lower than
our previous 9 μm IC lasers [6].

Nevertheless, the threshold input power density (370 W/cm2 in
CW mode at 80 K) was much lower than that of QC lasers at
similar wavelengths [12,13]. The threshold current density and
voltage of QC lasers are typically around several hundreds of
A/cm2 and 10 V, respectively. In pulsed mode (1 μs at 5 kHz), our
device lased at temperatures up to 130 K near 11.2 μm (inset to
Fig. 5), the longest wavelength achieved among III–V interband
lasers. The light intensity did not increase rapidly immediately
after reaching the threshold and the slope was initially small at the
threshold as shown by the light–current (L–I) characteristics in
Fig. 5. Hence, it was difficult to accurately determine the threshold
current by L–I curves. The threshold current was then obtained
from the lasing spectra by varying current. At 80 K, the threshold
current density was 72 A/cm2, which was about 24% lower than
that in cw mode, suggesting substantial heating for broad-area
lasers in cw operation even at 80 K.

The 11 μm IC lasers did not perform as well as our previous
9 μm IC lasers in terms of threshold current densities and output
powers. The threshold current density can be expressed as
Jth ¼ q Ntrþαi þαm

aΓ

� �
=τ, where Ntr is the transparency carrier density,

τ is the carrier lifetime, Γ is the optical confinement factor,
a¼ dg=dN is the differential material gain, αm is the mirror loss,
and αi is the internal loss which includes the waveguide loss
(mainly free carrier absorption loss) and the absorption loss in the
active region due possibly to intersubband transitions. The trans-
parency carrier density depends on the band structure (see
[14,15]) and is nearly insensitive to the lasing wavelength in
type-II QWs at low temperatures (e.g. 80 K), based on observed
threshold current densities for type-II IC lasers over a wide
spectral range. The typical transparency current density is small
at low temperatures (e.g. 1–3 A/cm2 at 80 K). Hence, at 80 K, there
is a negligible difference between Ntr for the 11 μm and 9 μm IC
lasers, as their active regions are very similar. For the same reason
and because the differential material gain, dg=dN, is proportional
to the wavefunction overlap in the active region, the difference in
dg=dN between the 11 μm and 9 μm IC lasers would not be larger
than 10%. Considering the similar confinement factor and compar-
able mirror losses (because both their facets were uncoated), the
much higher threshold current density in this 11 μm IC laser might
be caused only by a significantly reduced lifetime, τ, and increased
internal loss, ai. The reduced carrier lifetime could be related to
more defects and an increased Auger recombination. However, a
large increase in Auger recombination at 80 K is unlikely because

Fig. 3. Schematic of the processed broad-area IC laser.

Fig. 4. Current–voltage–light characteristics for a 150-mm-wide device in cw
operation. The insets show the cw lasing spectra at heat-sink temperatures of
80–97 K, and emission spectra at 80 K with several injection currents before
threshold.

Fig. 5. Light–current curves for the broad-area IC laser in pulsed mode at
temperatures of 80 K to 130 K. The arrows point to threshold currents where
spectra were taken. The inset shows the pulsed spectra at several temperatures.
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the lasing wavelength was increased only from 9.1 to 10.8 μm,
unless the threshold carrier concentration was greatly increased.

If the carrier leakage channel was not activated, an increase in
threshold carrier concentration could only be caused by a con-
siderable increase of internal optical loss based on the above
discussion, which is consistent with the significant reduction of
attainable output power. This is because the increased Auger
recombination alone would not necessarily lower the output
power, while the internal optical loss would do so. Hence, the
lower performance of these long wavelength IC lasers could be
primarily attributed to the combination of a possibly activated
leakage channel and a large increase of internal optical loss
beyond the common free-carrier absorption (the free-carrier
absorption loss is similar to what was calculated in our 9 μm IC
lasers). Although the cause of a high internal absorption loss is not
clear at this stage, intersubband absorption loss in the active
region is a possibility. Intersubband absorption loss occurs in QW
structures [14], but in principle can be eliminated or alleviated by
removing resonant intersubband transitions through quantum
engineering. To fully understand and address this issue, further
investigations are needed.

4. Conclusions

We have investigated the MBE growth of IC laser structures on
InAs substrates, and demonstrated the longest lasing wavelength
ever achieved by interband lasers based on III–V materials. Optical
microscopy, AFM and XRD measurements showed that the mate-
rial quality of the IC laser structure was quite good in terms of
surface defects, smoothness and crystalline quality. A 150-
μm�1.6-mm IC laser operated at 11 μm at temperatures up to
97 K in CW mode and 130 K in pulsed mode. The threshold current
density was noticeably higher and the output power lower than
for our shorter wavelength IC lasers. This reduced performance
was mainly attributed to a possible activated leakage channel and
a significantly increased internal optical loss, not to the Auger

recombination expected for increasing wavelength. At this stage,
we do not fully understand why the threshold current density of
this long wavelength IC laser was so much higher (47� ) with
only a modest increase in lasing wavelength compared to our 9 μm
IC lasers. Further investigations are required to achieving better
understanding and improved device performance.
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a b s t r a c t

We report on the InAs quantum dot (QD) external cavity laser (ECL) using a digital mirror device (DMD)
as the key component for wavelength tuning. The InAs QD laser diode was grown by gas source
molecular-beam epitaxy, which had a broad gain profile. Single mode operation was achieved with the
side mode suppression ratio of 21 dB when the optical feedback was provided by a mirror pattern
consisting of 9 micromirrors. Moreover, two-color lasing was demonstrated with two laser lines having
frequency difference in the THz range. The incorporation of DMD in the ECL enables great flexibility and
many unique features, such as high tuning speed independent of the tuning step, two-color or multi-
color lasing, and adjustable intensity for individual laser lines.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

A unique feature of quantum dot (QD) lasers is that their gain
profile is much broader than the conventional quantum well (QW)
lasers, which is extremely desirable for realizing broadband tunable
external cavity lasers (ECLs) [1,2]. In classical ECL configurations,
i.e., Littman and Littrow, the function of wavelength tuning is
achieved by mechanically rotating the grating or the cavity mirror.
Thus, a broad wavelength tuning range needs significant rotation
movement of the grating or mirror, which may drastically degrade
the reliability and reproducibility of the whole system. Recently, a
concept of Fourier transform ECL (FTECL) was developed by Breede
et al. [3,4] to tune QW lasers for the purposes of fast tuning and
multiple-color lasing. In this paper, we propose that the FTECL
concept can be utilized to perfectly solve the problem mentioned
above by using a digital micromirror device (DMD) to choose the
optical feedback for the QD laser. Each micromirror can be electro-
nically turned on or off in order to adjust the optical feedback. In
this way, the movement of mirror/grating in the Littman/Littrow
configuration can be completely replaced by control of the micro-
mirrors at desired locations, resulting in good reliability and
reproducibility of the broadband tunable QD ECL.

Regarding the laser diode for tunable laser, broad gain profile is
one of the very desirable properties. Growth of self-assembled QDs
in Stranski–Krastanov (SK) mode has been demonstrated as a very

efficient way to obtain high density of zero-dimensional nanos-
tructures [5]. In addition, these densely packed QDs have very good
optical properties and can be used as active material for high
performance QD lasers [6–9]. Due to the basic nature of the SK
growth mode, the QD assembly always has relative broad size
distribution, leading to a gain profile much wider than that of QWs.
This feature is very useful for broadly tunable lasers. Previously, we
studied external cavity tunable InAs/GaAs and InAs/InP [2] QD
lasers with broad tunable range in Littrow configuration. In this
work, we modified the setup by using a DMD to generate optical
feedback, which brings unique features and flexibility to the ECL
system.

2. Experimental setup

The QD lasers were grown on n-type GaAs (100) substrates by
gas source molecular-beam epitaxy (GSMBE). In the GSMBE system,
pure metal gallium, indium, and aluminum are used to provide III
element flux, while AH3 gas is introduced into a high temperature
injector and thermally decomposed there at 1000 1C. After oxide
desorption, a 500 nm-thick Si-doped GaAs buffer layer was grown,
followed by a 1500 nm-thick Si-doped Al0:3Ga0:7As layer for the
optical confinement. The active region consisted of five-stacked
InAs QD layers embedded in a 160 nm-thick Al0:15Ga0:85As layer.
GaAs spacers (40-nm-thick) were inserted into the adjacent QD
layers. Finally, the structure was finished by growing 1500 nm-thick
Be-doped Al0:3Ga0:7As cladding layer and 200 nm-thick Be-doped
GaAs contact layer. Each QD layer was formed by deposition of
nominally 2.2 monolayers (MLs) InAs with growth rate of 0.12 ML/s.
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The background pressure in the growth chamber was 1:5� 10�5 Torr
during growth. Ridge waveguide laser diodes were fabricated with
strip width of 6 μm. Both facets of the laser diode were left as-cleaved
without coating. The LD chips were soldered on copper heat sinks by
thin indium films.

The QD laser diode was mounted in a FTECL setup illustrated in
Fig. 1. Firstly, the laser beam was collimated by a lens, and then
diffracted by a grating. A second lens was used to focus the diffracted
light, resulting in a series of focused light spots, where the DMD was
placed. Note that the beam only contains light of Fabry–Perot mode
existing in the internal cavity of laser diode. Therefore on the focal
plane of the second lens there are a series of laser spots correspond-
ing to diffracted beams with discrete wavelengths. The beam size for
a single mode is estimated as about 20 μm. The DMD was controlled
to reflect the light either back to the laser diode or just to the free
space. In the former case an external cavity is formed between the
laser facet and the DMD, leading to optical feedback to the laser
diode, i.e., reduction of mirror loss of the whole system.

The DMD consists of an array of micromirrors with dimensions
of 13:68� 13:68 μm2. Each micromirror can be electronically con-
trolled to rotate 7121, corresponding to an “on” and “off” state. The
micromirrors with “on” state will generate optical feedback to the
laser diode, while that with “off” state will not. Therefore, we can
choose the mirror patterns corresponding to one or more focused
laser spots on the focal plane to reflect the laser beam back and
generate optical feedback to the QD laser diode.

3. Results and discussions

3.1. Tuning by a column of micromirrors

The wavelength tuning of the system was tested by using a
single column of micromirrors for feedback. As shown in Fig. 2,
single mode lasing at different wavelengths was observed by

activating different columns of micromirrors. For example, single
mode lasing at 1013.1 nm was realized by activating the single
column of micromirrors with column number of L1. On the other
hand, lasing occurred at 1010.2 nm when the active column was at
number L4. Note that the tuning speed of the system was mainly
limited by the operation speed of DMD, e.g., in the kHz range. It is
worthy to note that such a high tuning speed is independent of the
wavelength tuning gap, because just one command is needed to
change the mirror pattern whatever the pattern is. So this system
has an advantage over the conventional Littrow or Littman con-
figuration, where large tuning gap usually needs more time to gain
enough rotation angle of the grating or mirror.

3.2. Optimization of the mirror pattern

In order to obtain the optical feedback as large as possible, we
optimized the reflectingmirror pattern. A pattern consisted of 9 micro-
mirrors was found to fit the focused laser spot very well, resulting in
high quality lasing spectrum in single mode, as shown in Fig. 3. The
side mode suppression ratio was measured as 21 dB, when the feed-
back was provided by the optimized pattern shown in the inset of
Fig. 3. Adding more active mirrors to the optimized mirror pattern did
not improve the laser performance, indicating that the focused laser
spot was completely covered by the mirror pattern andmaximum opt-
ical feedback was achieved. The output power was measured as a few
mW, depending on the injection current.

3.3. Two-color lasing

Single mode operation was obtained by activating one mirror
pattern as mentioned above. If more mirror patterns were added,
more laser lines would appear, given that each mirror pattern covers
the corresponding focused laser spot in space. For example, two-
color lasing was obtained by just activating two mirror patterns, as
shown in Fig. 4. The separated mirror patterns are shown in the
inset, while the distance between two patterns determines the
wavelength difference between the two lasing lines. The diffraction
capability of grating and the focal length of the lens together define
the dependence of the wavelength difference on the distance bet-
ween the active patterns. It is worth noting that the wavelength
difference of the two-color lasing shown Fig. 4 is 3.56 nm, i.e.,
1.04 THz difference in frequency. Therefore, this system is able to
generate two laser lines with frequency difference in the THz range,
which might be used in THz generation by the technique of fre-
quency mixing. Moreover, by activating proper mirror patterns,
multiple lasing lines with desirable wavelengths can be obtained.

Fig. 1. Schematic illustration of the FTECL setup with a InAs QD laser, a grating, two
lenses, and a DMD.
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Fig. 2. Lasing spectra of the InAs QD ECL with optical feedback provided by
activating single column of micromirrors with different column numbers.

Fig. 3. Lasing spectrum of the InAs QD ECL with the optical feedback provided by
the optimized mirror pattern consisting of 9 micromirrors, which are shown in
the inset.
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3.4. Intensity adjustment of the laser lines

In the case of two-color lasing discussed above, the relative
intensities of the two laser lines are mainly determined by the optical
gain and loss, which vary as a function of the wavelength. Therefore,
the intensity of the individual lasing line should be very sensitive
to the optical feedback provided by the active mirror pattern. In other
words, the active mirror pattern reduces the mirror loss of the
external cavity, thus, enhances the optical feedback. The concept

was proved by the results shown in Fig. 5. We started with a two-
color lasing case, where one laser line had much higher intensity than
the other, as shown in Fig. 5(a). Then the active mirror patterns were
changed by increasing the optical feedback for the low intensity laser
line, and, decreasing the optical feedback for the high intensity laser
line, as shown in the insets. Indeed, the relative intensities of the two
laser lines became more close, as shown in Fig. 5(b). The original low
intensity laser line was enhanced in intensity, while the high intensity
one was suppressed. Therefore, fine regulation of the strength of
optical feedback is very effective to adjust the intensity of an indi-
vidual laser line. This method might be very important to balance the
intensity of two or even more lasing lines when the system is
working in multi-color mode.

4. Conclusion

We have investigated the InAs QD ECL using a DMD as the key
component for wavelength tuning. The system has fast tuning speed,
and, in particular, the tuning speed is intrinsically independent of the
wavelength tuning gap. High quality of single mode spectrum was
achieved by using the optimized mirror pattern consisting of 9 micro-
mirrors. Moreover, it is quite convenient to realize two-color or multi-
color operation by just activating two or more mirror patterns. The
wavelength difference between the laser lines can be adjusted by the
distance between the mirror patterns. Two laser lines with frequency
difference in the THz range were demonstrated. In addition, the inte-
nsities of the laser lines can be adjusted by fine regulation of the
mirror patterns when the system is working in the multi-color mode.
We have shown that this system has much more flexibility than the
conventional Littrow and Littman configurations.
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a b s t r a c t

The effects of well widths and well numbers of InGaAs triangular quantum well lasers in 2.30–2.44 μm
range using antimony-free material system on InP substrates are investigated. The triangular quantum
well was equivalently formed by using gas source molecular beam epitaxy grown InAs/In0.53Ga0.47As
digital alloy and the pseudomorphic growth was confirmed by the X-ray diffraction measurements.
Lasing at 2.30 μm above 330 K under continuous wave operation has been achieved for the laser with
four 13 nm quantum wells. By increasing the well width to 19 nm, the continuous wave wavelength has
been extended to 2.44 μm at 290 K, whereas the epitaxial quality and laser performances are
deteriorated. For those lasers with well width up to 19 nm, the moderate reduction of the quantum
well numbers can restrict the strain accumulation and improve the laser performances. Continuous wave
lasing at 2.38 μm above 300 K has been achieved.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Semiconductor laser diodes emitting in 2–2.5 mm wavelength
range are very attractive for free space communications and light
detection and ranging (LIDAR) due to the low absorption by
atmospheric water molecules in this range [1]. Such devices are
also of great interests in atmospheric pollution monitoring and
medical diagnostics by tunable diode laser absorption spectro-
scopy (TDLAS) gas sensing [2]. Furthermore, it is also desired for
the characterization and evaluation of photodetectors and focal
plane arrays operating in this wavelength range, because wave-
length match is very important to determine their actual features
[3]. Compressively strained type-I InGaAs quantum well (QW)
lasers on InP substrate offer an attractive alternative to traditional
GaSb-based structures for semiconductor lasers in this wavelength
range. The emission wavelength can be tailored by the indium
composition and well width of InGaAs QWs, and the main obstacle
is how to control the significant strain and keep good structural
quality in the QWs when increasing the indium contents [4,5]. To
improve the material quality, several methods have been applied,
such as growing the QWs at a relatively low temperature [6],
applying a relatively high growth rate [7], and using surfactant [8].
By using 5 nm thick pure InAs in the QWs, lasers extended to
2.33 μm have been demonstrated under continuous wave (CW)

operation at room temperature (RT) [9,10]. On the other hand, the
use of triangular QW instead of rectangular one can increase the
lasing wavelength while keeping the same strain extent [11,12].
The triangular QW can be grown by digital alloy technology, which
is very effective to restrain the formation of three dimensional
growth in the strained QW thus improve the laser performances
[13,14]. By this approach, the InAs/InGaAs triangular QW lasers on
InP substrate with wavelength up to 2.4 mm have been reported
recently [15]. To control the strain in the QW, the QW structures,
especially the well widths and numbers, play a very crucial role.
In this work, InAs/InGaAs triangular QW lasers with different
well widths and well numbers were demonstrated and investi-
gated in detail. The well widths were changed to tailor the
wavelength, and the well numbers were adjusted to optimize
the laser performances.

2. Experiments

The epitaxial laser wafers were all grown on n-type (001)-
oriented InP epi-ready substrates in a VG Semicon V80H gas
source molecular beam epitaxy (GSMBE) system. The elemental
indium, gallium and aluminum were used as group III sources,
while As2 and P2 cracked from Arsine and phosphine were used as
group V sources. The InP substrates were at first heated to about
500 1C measured by thermocouple under P2 flux to carry out the
surface oxide desorption and then reduced to 440 1C for growth.
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As shown in Fig. 1(a), the growth started from a 1000-nm silicon
doped n-type InP buffer, followed by a 120-nm unintentionally
doped (uid) lattice-matched InGaAsP (Eg¼1.1 eV) waveguide layer
which was grown at 460 1C. The substrate temperature was then
decreased to 420 1C to grow the uid active triangular QWs. In the
QW regions, the indium composition was approximately increased
from 0.53 to 1 and then decreased to 0.53, which was approxi-
mated by using InAs/In0.53Ga0.47As digital alloy technology. Fig. 1
(b) shows the appeared and effective band energy of one QW. The
designed period thickness of the digital alloy including one InAs
layer and one In0.53Ga0.47As layer was 1 nm. The thicknesses of the
InAs layer (d1) and In0.53Ga0.47As layer (1�d1) are obtained from
d1þ0.53� (1�d1)¼α, where α is the expected average indium
composition in each short period. These layers are very thin, and
the thinnest layer is even thinner than one monolayer, therefore
these thin layers are supposed to intermix during the growth.
When growing the QW structures, only the Ga shutter was
opening and closing, without any growth interruption. The growth
rates of InAs and InGaAs were 0.152 and 0.287 nm/s, respectively.
Three samples with different well widths and well numbers were
grown and the parameters were listed in Table 1. In0.53Ga0.47As
layers were grown as barriers and the barrier thickness were
20 nm except for the first and last barrier layers, which were
thickened to 100 nm to enhance the confinement. Therefore, the
active QW layers were grown keeping the indium and gallium
fluxes unchanged. Afterwards, a 120-nm uid InGaAsP upper
waveguide, a 1700-nm beryllium doped p-type InP upper cladding
layer and a 300-nm p-type In0.53Ga0.47As contact layer were grown
at 440 1C. The substrate was undergoing rotation during the
growth to get uniform thickness.

After growth, the structural properties of the wafers were
characterized by X-ray diffraction (XRD) scanning curves using a

Philips X’pert MRD high resolution X-ray diffractometer equipped
with a four-crystal Ge (220) monochromator. Then, the ridge
waveguide lasers with strip width of 6 mm were fabricated by
using standard lithography and wet chemical etching. 300-nm
Si3N4 layers were deposited by plasma enhanced chemical vapor
deposition for isolation, and 4-mm-wide windows were opened on
the top of the ridges. Sputtered Ti/Pt/Au and evaporated Ge/Au/Ni/
Au were formed as top p-type and bottom n-type contacts,
respectively. After an alloyed step, the wafers were diced into bars
of 800 mm leaving as-cleaved laser facets, mounted on copper heat
sinks, wire bonded and installed into an Oxford Optistat DN-V
variable temperature liquid nitrogen cryostat. The lasers were CW
driven by a Keithley 2420 source meter, and the spectral char-
acteristics were characterized by a Nicolet 860 Fourier transform
infrared spectrometer using a liquid-nitrogen cooled InSb detector
and a CaF2 beam splitter. For the I–P measurements, a Coherent
EMP1000 power meter was used.

3. Results and discussions

The XRD (004) ω/2θ scanning curves of the grown laser wafers
with various well widths and numbers in the active QW region are
shown in Fig. 2, the strongest peak corresponds to InP and the
envelope signals in the left side correspond to the active QWs. The
XRD curves at different positions on the wafer are nearly the same
indicating the pretty good uniformity of the QWs. Distinct satellite
peaks are observed in sample 1. For sample 2 where the QW
number is still four but the well width increases to 19 nm, the
satellite peaks in the measured XRD curve become dimer, indicat-
ing the deteriorated QW quality with the rough heterostructure
interfaces due to the accumulated strain. For sample 3, the satellite
peaks become much more distinct for the QW number of two and
keeping the well width of 19 nm, suggesting that the material
quality of 19 nm QWs is improved by decreasing the QW number
from four to two. In Fig. 2, the simulated curves from lattice
dynamics for samples 1–3 are also shown. The simulated curves
were all achieved by the simulation from the exact structure as
designed. The good agreements of the diffraction peaks between
the measured and simulated curves confirm the pseudomorphic
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Table 1
The well widths and numbers of samples 1–3.

Sample no. Well width (nm) Well number

1 13 4
2 19 4
3 19 2
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growth of all samples. For these whole laser structures, the PL
signals from QWs cannot be observed as about 2 μm thick top
layers were grown on the QWs. In the PL measurements of QW
test samples with different well widths, the PL intensity was
observed a bit decreased as the increased QW width [16,17].

As shown in Fig. 3 the temperature dependent CW lasing
wavelengths of the lasers have shown various performances, and
the typical lasing spectra of samples 1–3 are shown in Fig. 4. The
lasing wavelength is 2.30 mm at 300 K for sample 1 with four
13 nm QWs, and redshifts to 2.44 mm at 290 K as the well width
increases to 19 nm for sample 2. However, the maximum lasing
temperature is decreased from 330 K for sample 1 to 290 K for
sample 2 due to the deteriorated material quality. For the 19 nm
QW lasers, as the well number decreases from four to two, the
maximum lasing temperature is increased to beyond 300 K and
the lasing wavelength is around 2.38 mm at 300 K for sample 3.
From linear fitting, the temperature dependent wavelength shift
values are 1.00 nm/K, 1.41 nm/K and 1.01 nm/K for samples 1,
2 and 3, respectively. It is noted that the lasing wavelengths of
sample 2 are longer than those of sample 3 at all temperatures. It
is probably because that the QWwave functions are partly coupled
as the carrier confinement is relatively weak in this triangular QW
structure due to the inclined energy band.

Fig. 5 shows the light output characteristics of the three
triangular QW lasers under CW operation. The output power is
about 34 mW/facet at 350 mA injection current at 200 K and
15 mW/facet at 300 K for sample 1 with 13 nm QWs. The thresh-
old current is about 17 mA at 200 K and increases to 58 mA at
300 K. As the well width increases to 19 nm while keeping four
QWs in the active region (sample 2), the power at 200 K is
decreased to only 11 mW/facet at 350 mA injection current. The
threshold current of sample 2 is significantly increased to 72 mA
and 260 mA at 200 K and 290 K, respectively. As the QW number
of 19 nm QW laser decreases from four to two, the output power is
increased to 16 mW/facet at 350 mA injection current at 200 K

although there are less QWs in the active region. The maximum
output power at 300 K is 1.8 mW/facet. The threshold current of
sample 3 is reduced to about 10 mA at 200 K and 96 mA at 300 K.
The improved output characteristics are mainly due to the better
material quality.

The laser threshold current densities at various temperatures and
derived characteristic temperatures for the three samples are shown
in Fig. 6. For sample 1 with the 13 nm QWs, the threshold current
density is about 1.2 kA/cm2 at 300 K (300 A/cm2 per QW). Two
different slopes of the threshold current density exist in different
temperature ranges. The characteristic temperature T0 is derived to be
about 75 K in the temperature range of 200–290 K, and decreases to
36 K in the temperature range of 290–330 K. For sample 2 with the
increased well width of 19 nm, the threshold current density is
significantly increased. The characteristic temperature T0 is about
81 K and 48 K in the temperature ranges of 200–260 K and 260–
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290 K respectively, both close to those of sample 1. Comparing to those
of sample 2, the threshold current density of sample 3 is significantly
reduced as the well number decreases from four to two. At 200 K the
threshold current density of sample 3 is even smaller than that of

sample 1 probably due to the less QWs of sample 3, however the
threshold current density of sample 3 increases much more quickly as
the temperature increases, reaching 2.0 kA/cm2 at 300 K. The char-
acteristic temperature T0 of sample 3 is 50 K and 22 K for 200–280 K
and 280–300 K temperature ranges, smaller than those of samples
1 and 2, which is probably because of the reduced gain as the
decreased QW number. For this kind of highly strained triangular
QW laser, a tradeoff should be considered between the strain control
and sufficient gain. For the structure with thinner QWs, more QW
number can be applied to achieve higher output power. In our expe-
rience, the performances of the 4 QWs laser structures do not degrade
a lot when the well width enlarged from 10 nm to 16 nm [14,15]. As a
rough estimation, 4 QWs could be around the maximum QW number
for the 16 nm QW laser structure, but more QW number could be
applied for thinner QWs whereas less QW number for wider QWs.

4. Conclusion

In conclusion, InP-based InGaAs triangular QW lasers with different
well widths and numbers have been grown by GSMBE. The triangular
QW was equivalently formed by using InAs/In0.53Ga0.47As digital alloy
with carefully adjusted growth thickness of each layer. X-ray diffrac-
tion measurements have confirmed the pseudomorphic growth. For
the laser with four 13 nm QWs, CW lasing at 2.30 μm above 330 K has
been achieved. By increasing the QW width to 19 nm, the CW lasing
wavelength is extended to 2.44 mm at 290 K although the material
qualities and laser performances are deteriorated. For the 19 nm
triangular QW lasers, the reduction of the QW number from four to
two can improve the laser performances and CW lasing at 2.38 μm
above 300 K has been achieved.
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a b s t r a c t

As one of the most environmentally important cations, mercury(II) iron has the biological toxicity which
impacts wild life ecology and human health heavily. A Hg2þ biosensor based on AlGaAs/InGaAs high
electron mobility transistors with high sensitivity and short response time is demonstrated experimen-
tally. To achieve highly specific detection of Hg2þ , an one-end thiol-modified ssDNA with lots of
T thymine is immobilized to the Au-coated gate area of the high electron mobility transistors by a
covalent modification method. The introduction of Hg2þ to the gate of the high electron mobility
transistors affects surface charges, which leads to a change in the concentration of the two-dimensional
electron gas in the AlGaAs/InGaAs high electron mobility transistors. Thus, the saturation current curves
can be shifted with the modification of the gate areas and varied concentrations of Hg2þ . Under the bias
of 100 mV, a detection limit for the Hg2þ as low as10 nM is achieved. Successful detection with minute
quantity of the sample indicates that the sensor has great potential in practical screening for a wide
population. In addition, the dimension of the active area of the sensor is 20�50 μm2 and that of the
entire sensor chip is 1�2 mm2, which make the Hg2þ biosensor portable.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

As one of the most environmentally important cations, mercury(II)
irons (Hg2þ) has the biological toxicity which impacts wild life
ecology and human health heavily [1–4]. Hg2þ can be enriched
through food chain, enter the human body, and cannot be biode-
gradable. Methyl-mercury can cause irreversible damage on human
brain tissue (cerebral cortex, cerebellum), leading to minamata
disease, which cannot be cured [5]. Therefore, a portable sensor
which can detect Hg2þ sensitively is desirable.

Recently, biosensors based on high electron mobility transistors
(HEMTs) have been demonstrated for the detection of a variety of
chemical and biological substances [6–13]. The two dimensional
electron gas (2DEG) of GaN HEMTs is produced by piezoelectric
polarization and spontaneous polarization at the interface between
AlGaN layer and GaN layer. Because of its sensitivity of the change of
the charge on the gate surface, AlGaN/GaN HEMTs have been studied
for application of detecting DNA [6], Hg2þ [10], glucose [12] and so
on. In addition to piezoelectric polarization and spontaneous polar-
ization, the 2DEG in AlGaAs/InGaAs HEMTs is mainly provided by

δ-doping Si layer. AlGaAs/InGaAs HEMTs, along with higher mobi-
lity, lower operating voltage and mature production process, also
exhibit their advantages in biosensors [14]. The selective detection of
Hg2þ in aqueous solution by using the coordinate interaction
between Hg2þ and bis-thymine has been approved. The thymine-
rich olignonucleotide probe can capture free Hg2þ , forming T-Hg-T
[15–18]. In this letter, we functionalized the Au-coated gate area
with ssDNA to detect Hg2þ in solution. We demonstrated that
AlGaAs/InGaAs HEMTs could be used to detect Hg2þ , and the limit of
the detection was as low as 10 nM.

2. Experiments and measurements

2.1. Fabrication of HEMT devices

In this letter, the AlGaAs/InGaAs HEMT structures for biosen-
sors were grown by Veeco GENII solid source molecular beam
epitaxy (MBE) system on (1 0 0) semi-insulating GaAs substrates
[19–21]. The samples for devices fabrication have an undoped
300 nm thick GaAs buffer layer, a 15 nm thick In0.2Ga0.8As channel
layer, a 4 nm thick Al0.3Ga0.7As spacer layer, a Si δ-doping layer, a
25 nm thick Al0.3Ga0.7As barrier layer, and a 30 nm thick GaAs cap
layer which is heavily doped with Si of 3�1018 cm�3. Fig. 1 shows
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the cross-sectional schematic drawing of the AlGaAs/InGaAs HEMT
and the top view photomicrograph of the HEMT with a 40 nm Au
film covering the gate region. The 2DEG density and electron
mobility were obtained by the Hall measurement respectively
at 77 K (ns¼2.2�1012 cm�2, μ¼2.2�104 cm2 V�1 s�1) and 300 K
(ns¼2.3�1012 cm�2, μ¼5025 cm2 V�1 s�1). Sequentially, the epi-
taxial wafer proposed above was processed into HEMT devices.
Mesa isolation was performed by wet chemical etching using
H3PO4/H2O2 solution. The Ge/Au/Ni/Au ohmic contact metal was
evaporated on the source and drain with a gap of 100 μm,
followed by annealing at 420 1C for 20 s under flowing N2, and
the resistivity about 10�6Ω cm2 was gotten. A 40 nm Au film was
deposited at the 20�50 μm2 gate area by electron beam evapora-
tor. A 200 nm SiO2 passivation layer was deposited immediately,
and then SiO2 on top of the gate area was removed for liquid
solution and pads of the electrodes for measurements. The area of
the sensors chip fabricated was only 1�2 mm2, which makes the
Hg2þ biosensor portable.

During the process of the HEMT device fabrication, removing the
heavily doped GaAs cap layer over Al0.3Ga0.7As selectively was a very
important step. A citric acid/H2O2 solution was prepared with
optimized proportion, and the etching selectivity of GaAs over
Al0.3Ga0.7As could reach up to 112. Fig. 2 shows that the solution
etched GaAs epitaxial layer anisotropically. When the gate is parallel
with (0 �1 1) lattice plane, GaAs epitaxial layer will get a sidewall of
the shape in Fig. 2(a), and the sidewall of the shape in Fig. 2(b) will
be obtained when the gate is parallel with (0 1 1) lattice plane.
Therefore, the gate was chosen to be parallel with the main orien-
tation of edges of the semi-insulating GaAs substrate in order to
receive the gate recess in Fig. 2(b).

The current–voltage characteristics of the AlGaAs/InGaAs HEMT
test pattern were given in Fig. 3. Fig. 3(a) shows the drain–source
current at bias voltage from 0 V to 3 V measured at different Vg

(Vg changes from �100 mV to 400 mV). The device had typical
current saturation curve of HEMTs at the bias voltage from 0 V to
3 V, and the drain–source current increased when the gate voltage

Fig. 1. (a) Cross-sectional schematic drawing of the AlGaAs/InGaAs HEMT. (b) Top
view photomicrograph of the HEMT with a 40 nm Au film covering the gate region.

Fig. 2. Wet etching of GaAs along with different lattice planes: (a) (0 �1 1) lattice
plane, (b) (0 1 1) lattice plane.

Fig. 3. (a) Drain–source currents of the AlGaAs/InGaAs HEMT: Vg varies from
�100 mV to 400 mV; (b) Id–Vg curve of the AlGaAs/InGaAs HEMT.
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changed from �100 mV to 400 mV. The Id–Vg curve at 100 mV bias
voltage was shown in Fig. 3(b). It is clear that the drain–source
current is sensitive to the gate voltage, meaning the device can be
used to detect Hg2þ if we can immobilize Hg2þ on the surface of
the gate area. The test pattern has 50�50 μm2 ohmic contacts of
source and drain with a gap of 20 μm, and a 40 nm Au-coated gate
area of 10�50 μm2.

2.2. Specific detection of mercury(II) irons

Fig. 4 represents mechanism of the Hg2þ detection process.
Before the detection of Hg2þ , the sensing surface was functionalized
with 50thiol-modified oligonucleotide probe (50-(SH)ATTCTTTCTT
CCCCCCGGTTGTTTGTTT-30, ssDNA). In our work, the Au-coated gate
area of the HEMT fabricated above was immersed in 10 μM ssDNA
twelve hours at room temperature. After the formation of Au–S
bonding through the strong interaction between gold and the thiol-
group of the ssDNA, the device was washed with water to remove
unreacted ssDNA, and then dried with a nitrogen stream. When
the sensor was exposed to 10 nM Hg2þ in aqueous solution, the

thiolated ssDNA probe immobilized on the Au-coated gate area
would selectively capture free Hg2þ , forming a stable hairpin
structure (T-Hg2þ-T). The distribution of the charges on the gate
surface is varied, leading to a change in the concentration of the two-
dimensional electron gas in the AlGaAs/InGaAs HEMTs. Thus, the
drain–source current can be shifted. A CHI 660D electrochemical
workstation was used to measure the drain–source current char-
acteristics of the HEMT sensor at room temperature.

3. Results and discussions

Fig. 5 shows the drain–source current of the sensors as a function
of the bias voltage from 0 V to 500 V measured before gate fuctio-
nalization (as-fabricated HEMT), after functionalized with ssDNA,
and after exposed to 10 nM Hg2þ solution. The drain–source current
decreased after functionalized with ssDNA, and it was increased
when exposed in Hg2þ solution. Under 100 mV bias voltage, the
drain–source current changed from 11.97 μA to 11.13 μA when the
gate of HEMT device was functionalized with ssDNA, and it increased
to 11.74 μA immediately when the sensor was exposed to 10 nM
Hg2þ solution. The response time is less than 10 s. It means that the
sensor can be used to detect Hg2þ , and the limit can be down to
10 nM at least.

The mechanism of the sensor can be explained as follow. At the
interface of AlGaAs/InGaAs heterojunction, a triangle potential
well forms at the side of InGaAs channel layer, and electrons will
be accumulated and trapped in the well. The depth and width of
the well can be modulated by the gate potential, which has an
impact on the 2DEG concentration, then affects the drain–source
current. Due to the high mobility of the AlGaAs/InGaAs HEMT, the
sensor is very sensitive to the potential changes at the gate. When
the ssDNA was immobilized on the gate area, a negative potential
was introduced to the gate, resulting the decrease in the 2DEG
concentration and the drain–source current. Similarly, because of
the positive potential provided by Hg2þ , the drain–source current
increased apparently (6.61 μA) when the ssDNA immobilized on
the gate captured Hg2þ .

4. Conclusion

In summary, we have shown that Hg2þ can be detected by using
AlGaAs/InGaAs HEMTs. Based on the functionalization of the gate by
ssDNA, we can detect Hg2þ sensitively and rapidly. The detection
limit for the Hg2þ of as low as 10 nM is achieved under the bias of
100 mV. Successful detection with minute quantity of the sample
indicates that the sensor has great potential in practical screening for
a wide population.
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a b s t r a c t

Growth of InGaSb/AlSb high hole mobility quantum well field effect transistors (QW FETs) on Si
substrates with a step-graded GaAsSb metamorphic buffer layer by molecular beam epitaxy is explored.
With an optimized growth temperature for the InGaSb/AlSb QW, hole mobility of 770 cm2/V s and
3060 cm2/V s have been achieved at room temperature and 77 K, respectively. It is also found that the
twins in the samples do not cause significant anisotropic behavior of the InGaSb QW FETs in term of gate
direction.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

III–V field effect transistors (FETs) have great potential for high
performance low power consumption logic circuits on Si substrates
due to their high mobility and low bandgap characteristics [1–3].
While the developments on the n-channel devices for comple-
mentary circuits have been successful in the last few years, the
progress on p-channel devices is rather limited. Antimonide-based
heterostructure is one of the promising candidates for p-channel
devices since exciting results, hole mobility of 1500 cm2/V s with
sheet concentration of 7�1011 cm�2, have been demonstrated on
InGaSb/Al(Ga)Sb QW structures [4]. The antimonide heterostruc-
ture is also favored because the lattice constant of the stained
InGaSb layer is close to that of InAs. This makes the integration
with InAs n-channel FETs for complementary circuits much easier
since they can share the same buffer layer on Si. Up to date, high
hole mobility InGaSb/Al(Ga)Sb p-channel devices have been
demonstrated on GaAs substrates, but the reports of III–V p-
channel devices on Si substrates remain few [5–7]. In 2012, Takei
et al. demonstrated the integration of InGaSb/AlSb p-channel FETs
on Si substrates using epitaxial layer transfer technology [8]. An
InAs/InGaSb/InAs structure was grown on a GaSb substrate by
molecular beam epitaxy (MBE), and then transferred onto a Si
substrate by polydimethylsiloxane. A maximum effective hole
mobility of �820 cm2/V s at room temperature was achieved.
The placement issue of this approach has to be overcome before

it can be utilized for mass production. In 2014, Madisetti et al.
reported their studies on the metal-oxide-semiconductor (MOS)
capacitors of InGaSb-QW structure, which was directly grown on a
Si-on-insulator substrate with a metamorphic buffer layer by MBE.
Although a lot of defects including twins were observed in the
buffer layer, the InGaSb/AlSb QWs exhibited a maximum hole
mobility of 632 cm2/V s with a sheet hole density of
7.6�1011 cm�2, and sheet resistance over 12,000 Ω/sq [9]. In this
work, InGaSb p-channel QW FETs were grown on Si by MBE and
characterized. Hole mobility as high as 770 cm2/V s with sheet
resistance of 8100 Ω/sq at room temperature was obtained by
modifying the growth temperature of QW. The effects of twins on
the transport properties were also investigated.

2. Experiments

Fig. 1 shows the layer structure of the samples studied in this
work. These samples were prepared by solid source MBE. The
group V materials, Sb and As were supplied by two valved
crackers, respectively. Vicinal (100) Si p-type substrates with
6 degrees tilted toward the [1–10] direction were used to reduce
the formation of anti-phase domain [10]. Before the commence-
ment of epitaxial growth, the substrate was heated at 720 1C for
1 h to remove the hydrogen atoms and residual contaminants on
the surface. The growth was started with a 3 nm-thick GaAs
nucleation layer using migration-enhanced epitaxy, then a multi-
step graded GaAsSb layer was grown at 500 1C. The Sb conetent in
each step layer was approximately 5%, 10% and 23% as verified by
X-ray diffraction reciprocal space maps of the (004) and (115)
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reflections. Afterwards, a 1500 nm-thick AlSb and a 300 nm-thick
AlGaSb buffer layers were grown at 540 1C and 500 1C, respec-
tively. To increase hole mobility, a lattice mismatch of approxi-
mately 2.0% was intentionally introduced to the In0.4Ga0.6Sb
channel layer so as to induce a compressive strain in the channel
layer. The growth temperature for the active region, including
InGaSb channel and AlSb barrier, was 380 1C, 360 1C and 340 1C for
each sample. Because the growth temperature was outside the
temperature range (400–1000 1C) of the pyrometer used in the
work, the growth temperature of InGaSb/AlSb QW was estimated
by linear interpolation from the curve of growth temperature
versus power consumption of the substrate heater. The properties
of these samples were assessed by temperature-dependent Van
der Pauw Hall measurements, atomic force microscopy (AFM), and
transmission electron microscopy (TEM). The buffer resistance

exceeded 1 M Ω/sq and allowed the assessment of real transport
properties of the QW channel. The ohmic contacts for Hall
measurements were formed by alloying indium balls at 200 1C
for only 10 s to avoid excessive indium diffusion to the Si substrate
that causes parallel conduction.

3. Results and discussion

Table 1 summarizes the carrier transport properties of the
InGaSb/AlSb QW structures determined by Hall effect measure-
ments at room temperature and 77 K. As the growth temperature
is reduced from 380 1C to 360 1C, the hole mobility at room
temperature increases from 630 cm2/V s to 770 cm2/V s. The
higher hole mobility at 77 K of the InGasSb/AlSb QW grown at
360 1C against 380 1C, i.e. 3060 cm2/V s versus 2490 cm2/V s,
implies that it contains less defects, probably because of the
reduced lattice relaxation and defects generation with decrease
of the growth temperature [6,11]. Notably, a repeated experiment
on the growth of 360 1C gives hole mobility of 838 cm2/V s with a
sheet carrier concentration of 9.5�1011 cm�2 at room tempera-
ture. Further reducing the growth temperature to 340 1C reduces
the hole mobility at room temperature and 77 K to 312 cm2/V s
and 964 cm2/V s, respectively. Fig. 2 reveals the reflection high
energy electron diffraction (RHEED) patterns during the growth of
the upper AlSb barrier at 360 1C and 340 1C in the [1–10] direction.
Reducing the growth temperature of QW to 340 1C results in a
rough upper AlSb barrier surface as evidenced by the spotty
RHEED pattern in Fig. 2(b). Fig. 3 displays the AFM images of
these samples. The root mean square roughness increases from
2.5–2.7 nm for the QW grown at 380 1C and 360 1C to 3.4 nm for
that grown at 340 1C. Therefore, the reduction of hole mobility of
the QW grown at 340 1C could be attributed to the degradation of
the upper AlSb barrier grown at low temperature.

TEM images on the mutually perpendicular (110) and (110)
planes of the InGaSb/AlSb QW FET grown at 360 1C are presented
in Fig. 4. Figs. 4(a) and (b) reveal that, although some threading
dislocations and planar defects are generated at the GaAs and Si
interface and blocked at the GaAsSb/AlSb interface, there are twins
penetrating the QW channel layer. The effects of twins on the
growth of InGaSb/AlSb QW are investigated by high resolution
cross-sectional TEM as displayed in Fig. 4(c). The growth fronts of
the AlSb buffer and subsequent InGaSb layer are altered by the
penetrating twins. The presence of planar defects is also confirmed
by Fig. 4(d), which shows many short stripes in the AlSb buffer
layer and is attributable to the overlap of micro-twins or probably

Fig. 1. Layer structure of the InGaSb QW FETs grown on Si substrate.

Table 1
Summary of Hall effect measurements on InGaSb QW FETs grown at three different
temperatures.

Growth temperature (1C) 380
(Sample A)

360
(Sample B)

340
(Sample C)

Hall mobility (cm2/V s) (300 K) 630 770 312
Sheet concentration (cm�2) (300 K) 1.29�1012 1.04�1012 1.90�1012

Hall mobility (cm2/V s) (77 K) 2490 3060 964
Sheet concentration (cm�2) (77 K) 1.15�1012 1.14�1012 1.35�1012

Fig. 2. RHEED patterns along the [1–10] direction during the growth of the upper AlSb barrier for the samples grown at (a) 360 1C and (b) 340 1C.
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stacking faults. The micrographs indicate that the observed micro-
twins prefer to lie on the (111) and (111) planes.

It has been reported that twins play an important role in the
transport properties of InAs and InSb n-channel QWHFETs [12–14].
Twins are scattering centers, which degrade carrier transport
property, especially when the transport direction is perpendicular
to the twin-induced line features observed on the surface. They
cause strong anisotropic I–V characteristics in n-channel InAs QW
FETs [14]. It is desirable to know whether the twins cause
anisotropic characteristics of p-channel InGaSb QW FETs. An

optical lithographic process is used to fabricate 2 μm gate-length
devices on the sample grown at 360 1C. The distance between
source and drain is 12 μm. Pd/Ti/Pt/Au (20/40/40/50 nm) metal
stack deposited by e-beam evaporator is used for the ohmic
contact pads and Ti/Pt/Au (20/40/300 nm) metal stack is the
Schottky gate metal. Mesa isolation is defined by dry etching in
an inductively coupled plasma etcher using BCl3/Cl2/Ar. Two types
of devices are fabricated on the wafer. One type of the devices
have their drain current flowing along the [1–10] direction, while
that of the other type is along the [110] direction. Shown in Fig. 5

Fig. 3. AFM images (10 μm�10 μm) of the InGaSb QWs grown at (a) 380 1C, (b) 360 1C, and (c) 340 1C.

Fig. 4. (a) [1–10] cross-sectional TEM micrograph of the sample grown at 360 1C, (b) the image near the GaAsSb/AlSb interface, (c) high resolution image near the QW, and
(d) [110] cross-sectional TEM image of the same sample.
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are the transfer characteristics of these devices. The threshold
voltage of both types of devices is 0.5 V. The devices with drain
current along the [1–10] direction have a maximum drain current
density of 28.5 mA/mm and a peak transconductance (Gmpeak) of
28 mS/mm at VGS¼�1 V and VDS¼�3 V. The devices with drain
current along the [110] direction have a maximum drain current
density of 25 mA/mm and a Gmpeak of 25 mS/mm at VGS¼�1 V
and VDS¼�3 V. The differences in these electrical properties
between the two types of devices are less 15%, unlike the case of
InAs QW n-channel FETs. This implies that InGaSb QW FETs are
less susceptible to twins [14]. It is postulated what may have been
responsible for this is the short mean-free-path of holes in the
InGaSb QW. The mean-free-path of a hole in InGaSb QW, which
has a hole mobility of 770 cm2/V s with a sheet concentration of
1�1012 cm�2, is estimated to be about 13 nm. This value is far
shorter than the average distance between the twins (�0.12 μm)
estimated from the TEM image. A shorter mean-free-path corre-
sponds to a lower likelihood for the holes to meet the twins.
Hence, the transport of holes is less sensitive to the scattering
resulting from the twins than that of electrons in the channel.

4. Conclusions

In conclusion, InGaSb/AlSb QW FETs have been grown on Si
substrates with a step- graded GaAsSb metamorphic buffer layer
by MBE. Using a growth temperature of 360 1C for InGaSb/AlSb
QW, hole mobility of 770 cm2/V s and 3060 cm2/V s has been
achieved at room temperature and 77 K, respectively. Further
reduction in growth temperature increases surface roughness
and lower mobility. It is also found that although the growth
fronts of AlSb and InGaSb are affected by the penetrating twins,
the impact of twins to the isotropic behavior of p-channel InGaSb
QW FETs is insignificant. This could be attributed to the short
means-free-path of holes in the InGaSb QW.
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a b s t r a c t

In this paper we demonstrate ultraviolet (UV) light emitting diodes (LEDs) grown on metamorphic
AlGaN buffers on freestanding GaN 2021

� �
substrates by ammonia assisted molecular beam epitaxy

(MBE). Misfit and related threading dislocations were confined to the stress relaxed, compositionally
graded buffer layers, and single quantum well devices emitting at 355, 310 and 274 nm were grown on
top of the graded buffers. The devices showed excellent structural and electrical (I–V) characteristics.

Published by Elsevier B.V.

1. Introduction

Efficient UV light sources with sub-300 nm emission wave-
lengths are of interest for many applications, including both
detection and decontamination of chemicals and biological agents
such as viruses and bacteria. While the wurtzite GaN–AlN ternary
materials system has suitable band gap (3.4–6.0 eV) for emission
over the entire UV spectral range, and progress is being made in
reported efficiencies of LEDs at shorter wavelengths [1], by visible
LED standards external quantum efficiencies remain relatively low
(o10%). Major challenges associated with UV light emitters are
efficient p-type doping with Mg in the wide band gap AlxGa1�xN
semiconductor, as well as the lack of commercially available AlN
substrates. As a result the majority of UV device development has
been carried out on non-native substrates, leading to high
extended defect densities in device heterostructures [1]. While
freestanding GaN substrates have become available in recent
years, growth of high Al content, deep UV quantum well (QW)
devices are not possible on c-plane GaN due to tensile coherency
stresses that result in fracture of the heteroepitaxial films [2].
Alternatively, the primary relaxation mechanism of AlGaN grown
on semipolar orientations of GaN is not cracking, but misfit
dislocation (MD) array formation via low energy slip on the basal
c-plane [3]. Recent work has shown that growth of stress relaxed
buffers on semipolar orientations of GaN is viable for extending
the range of wavelengths possible for laser diodes on GaN
substrates for both visible [4] and near UV emission [5], and that

graded, relaxed AlxGa1�xN buffers with x up to 0.6 can be
generated for device growth with low (�106/cm2) threading
dislocation density (TDD) by MBE [6]. While relatively unexplored
as a growth technique for UV devices, MBE has recently been
shown to be viable for growth of near UV semipolar GaN based
lasers [7], as well as nanostructured UV devices [8–10] and high
internal quantum efficiency (IQE) active regions [11]. In this work,
we demonstrate planar, metamorphic UV LEDs on relaxed AlGaN
buffers on 2021

� �
GaN substrates with by ammonia-assisted MBE

with emission wavelengths from 355 nm down to 274 nm with
excellent I–V characteristics. While the band gap of GaN is
absorbing for photons with wavelengths in the UV spectrum,
resulting in significant absorption losses in a fully processed
device, we propose that the substrate can be easily removed via
growth of sacrificial InGaN quantum wells and a photoelectro-
chemical etch process which has been successfully developed and
applied for GaN based lasers [12]. Future UV devices on GaN
substrates could subsequently be processed in a flip-chip
geometry.

In this study, LED structures were grown with emission
wavelengths of 355 nm, 310 nm, and 274 nm to investigate the
impact of increasing AlxGa1�xN alloy content x on the device
properties and performance. All samples were grown by NH3-
assisted MBE in a Veeco Gen 930 equipped with solid source
effusion cells for group III elements Al and Ga, and p- and n- type
dopant elements Mg and Si respectively. The devices were grown
on freestanding 2021

� �
GaN substrates from Mitsubishi Chemical

Corporation at temperatures between 850–900 1C. Growth condi-
tions were N-rich with NH3 fluxes on the order of 10�4 Torr and
metal fluxes on the order of 10�7 Torr. Graded buffers were grown
as described in [6]. p-AlGaN and GaN layers were grown at 750 1C,
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as the lower temperature was found to maximize acceptor con-
centrations in ammonia MBE grown p-GaN [13]. Mg concentra-
tions were in the 1019/cm3 range and Si concentrations were in the
1018/cm3 range as determined by secondary ion mass spectroscopy
of calibration samples. Compositions and strain state of the films
were determined using high resolution X-ray diffraction (XRD) and
structurally characterized with cathodoluminescence (CL) and
high resolution scanning transmission electron microscopy
(STEM/TEM). Optical and electrical properties were studied via
room temperature (RT) photoluminescence (PL) and electrolumi-
nescence (EL) measurements. The 355 nm LED was processed for
EL quick test with Ti/Au n-contacts, Pd/Au p-type contacts, and a
thin Pd/Au current spreading layer, while the I–V characteristics of
the 310 and 274 nm LEDs were measured with indium contacts.

Before LED heterostructures were grown, continuously graded
AlxGa1�xN buffer layers were developed and characterized. A
symmetric, on-axis (2 0 1) XRD reciprocal space map for a
500 nm thick graded buffer with 500 nm of Al0.52Ga0.48N is shown
in Fig. 1(a), indicating the change in lattice parameter and strain
state of the film with increasing Al content. The offset in Qx

between the GaN substrate and Al0.52Ga0.48N layer is due to
tilt introduced by the edge component of MDs associated with
stress relaxation of the lattice mismatch between the GaN and
AlxGa1�xN buffer [3], and the buffer was determined to be 90%
relaxed in the in-plane projected-c direction. Threading disloca-
tions from the substrates (typical TDD �5�106/cm2) were
assumed to be the source for the MDs [4]. For the same sample,
Fig. 1(b) shows two CL images taken at excitation voltages of 5 kV
and 15 kV, corresponding to electron penetration depths in
Al0.52Ga0.48N of approximately 150 nm and 1000 nm respectively.
Cracking was not observed in the graded buffer layer films developed
in this study. While dark lines associated with non-radiative

recombination regions around MDs are observed for the 15 kV
image, no dark lines associated with MDs or dark spots associated
with threading dislocations are observed for the 5 kV images,
indicating a high structural quality, low defect density template for
subsequent quantum well device growth. This has been confirmed
via high resolution TEM data, shown in Fig. 1(c) for a typical LED
structure grown on a relaxed buffer, in this case the 310 nm LED
heterostructure. The cross sectional image was taken looking
down the projected c-axis of the 2021

� �
crystal, and shows the

AlxGa1�xN buffer continuously graded in x from GaN to the desired
buffer layer composition, in this case x¼0.36. The strain contrast
visible in the 500 nm thick buffer region of the TEM image is
associated with MDs lying along the a-axis throughout the thick-
ness of the graded region, with b¼ ð1=3Þ〈1120〉 type burgers
vectors [3,6]. While some threading dislocations are generated in
the graded region, they do not propagate vertically through
subsequent epitaxial layers. XRD reciprocal space maps for each
LED (not shown) provided further confirmation that the active
regions of the LED devices were coherent (metamorphic) to the
relaxed, graded buffer layers.

EL and I–V data for the 355 nm LED are shown in Fig. 2(a) and
(b) respectively. The LED heterostructure consisted of an n-type
buffer graded from GaN to Al0.20Ga0.80N followed by 500 nm of n-
Al0.20Ga0.80N and an active region of a single 10 nm GaN quantum
well with a 250 nm p� Al0.20Ga0.80N cap, and 10 nm pþ GaN
contact layer. The device showed strong EL emission at 355 nm
and excellent turn-on voltage of 3.6 V at 20 mA. Light output
power of the device is shown in Fig. 2(b) and was measured with a
UV calibrated Newport photodetector under CW conditions. The
processed device had thick Au metal pads for current probing and
a thin metal layer (2/3 nm of Pd/Au) for current spreading through
which the light was measured. The total area of the metal contacts

Fig. 1. (a) Symmetric 2 0 1 reciprocal space map taken with X-rays incident along the projected c-direction, showing relaxation of buffer layer graded from GaN to
Al0.52Ga0.48N. (b) Panchromatic CL images of graded buffer taken at 5 kVand 15 kV corresponding respectively to 150 nm and 1000 nm electron penetration depths. (c) High
resolution cross sectional TEM image down the projected c-axis for a typical AlxGa1�xN UV LED heterostructure, coherent to relaxed buffer.
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and current spreading layer was designed so that 1 mA corre-
sponded to 1 A/cm2. This device showed promising peak output
power of 1.8 mW and no efficiency droop up to 500 A/cm2.
Assuming a single extraction cone upwards and taking into
account absorption in the p-GaN contact, surface reflection, and
transmission through the metal current spreading layer extraction
efficiency is only estimated to be about 1% for this test structure.
The same epitaxial structure could be expected to exhibit much
higher output power in a flip chip geometry with substrate
removal. In addition, the epitaxial growth conditions and device
structure are relatively unoptimized. From the quick test

measurement, internal quantum efficiency for the active region
was estimated to be about 20%, which also agrees well with IQE
estimates of the material from low temperature PL measurements.
Further optimization of epitaxy and device structure, for example
inclusion of an electron blocking layer (EBL), could also be
expected to yield efficiency improvements.

Results for two LED heterostructures with 310 nm and 274 nm
emission are shown in Fig. 3. The 310 nm device had a graded
buffer with final composition Al0.36Ga0.64N, and an Al0.25Ga0.75N
QW, while the 274 nm device was graded to Al0.50Ga0.50N and had
an Al0.40Ga0.40N QW. Both structures had 150 nm of p� AlGaN and

Fig. 2. (a) 355 nm LED room temperature electroluminescence spectra with increasing current and (b) I–V characteristics and light output power. Voltage is 3.6 V at 20 mA
and max power is 1.8 mW. Extraction efficiency for this structure is estimated at �1%.

Fig. 3. (a) High resolution z-contrast STEM image of the active region of a 310 nm LED heterostructure and (b) I–V curves and room temperature photoluminescence spectra
(inset) for 310 nm and 274 nm LED heterostructures with indium contacts. At 20 mA, voltage is 4.8 V for the 310 nm LED and 8.9 V for the 274 nm LED. PL peak at 285 nm for
the 310 nm LED is attributed to luminescence from the buffer layer. Peak at 266 nm is due to the PL excitation laser.
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a 10 nm pþ GaN contact layer above the QW. Z- contrast STEM
(Fig. 3a) indicates that the active region of the 310 nm device had
planar interfaces, and no cracking was observed in this hetero-
structure with TEM or CL. Optical microscopy did indicate the
presence of some cracks in the 274 nm LED sample, with spacing
on the order of hundreds of microns. Photoluminescence spectra,
as well as I–V curves for these two device heterostructures with
indium n- and p-contacts are shown in Fig. 3(b). I–V for the
310 nm LED is linear with a sharp turn-on voltage of 4.8 V, just
above the band gap of the quantum well material, at 20 mA. Turn
on voltage is higher, 8.9 V at 20 mA, and I–V is less linear for the
274 nm LED. In addition, the PL intensity for the 274 nm LED is an
order of magnitude lower than the peak PL intensity for the
310 nm LED. The PL peak at 285 nm in the spectrum for the
310 nm LED is attributed to luminescence from the Al0.36Ga0.64N
buffer layer. No buffer emission was observed for the 274 nm LED
as it is likely lower or at the same wavelength as the 266 nm PL
excitation laser. The drop in PL intensity with shorter wavelength
is not unexpected as this follows the trend seen by many research
groups as compiled by Kneissel et al [14]. However, since we know
that the extended defect density for these devices was compara-
tively low (�106/cm2), more work is required to elucidate the
cause of the efficiency drop, which may be related to oxygen
incorporation or the presence of other point defects generated at
the relatively low MBE growth temperatures. The highest effi-
ciency deep UV LEDs reported to date were grown by metal
organic chemical vapor deposition at temperatures exceeding
1300 1C [15].

In summary, preliminary UV LEDs on commercially available
2021

� �
GaN substrates have been demonstrated by ammonia

MBE. The LEDs with emission wavelengths longer than 300 nm
showed excellent electrical characteristics, low extended defect
densities and promising optical emission for relatively

unoptimized growth conditions and device structures. In particu-
lar, improvements to internal and external quantum efficiency
could be realized by a number of modifications to device design
including introduction of EBLs and use of multiple QW active
regions as well as optimization of growth conditions for p-AlGaN
and p-GaN contact layers. Substrate removal and a flip chip device
process are under development to assess the material quality of
ammonia-MBE AlGaN with improved extraction efficiency.
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a b s t r a c t

PN junctions are basic building blocks of many electronic devices and their performance depends on the
structural properties of the component layers and on the type and the amount of the doping impurities
incorporated.

Magnesium is the common p-type dopant for nitride semiconductors while silicon and more recently
germanium are the n-dopants of choice.

In this paper, therefore we analyze the quantitative limits for Mg and Ge incorporation on GaN and InGaN
with high In content. We also discuss the challenges posed by the growth and characterization of InGaN pn-
junctions and we discuss the properties of large area, long wavelength nanocolumn LEDs grown on silicon
(1 1 1) by PA-MBE.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

Nitride semiconductors containing indium have a direct band
gap spanning from 0.65 eV (InN) to 3.4 eV (GaN) [1]. This large
range in the band gap of InGaN alloys could allow the fabrication
of full-spectrum solar cells as well as long wavelength LEDs.

For device applications, controllable doping of InGaN is essen-
tial and requires the reduction of electron background due to
native and/or crystalline defects, especially in alloys with high
indium content. For this reason, the InGaN alloys have been subject
of sustained work targeting the synthesis of layers with high
crystalline quality and high indium fraction (430%) [2,3].

Even when high quality GaN substrates are available their use-
fulness for the growth of thick or high indium fraction (x430%)
InxGa1�xN layers is limited by the formation of misfit dislocations at
the InGaN/GaN interface.

As a result, the operation of the nitride devices is typically
hampered by the presence of threading dislocations originating at
these interfaces. One approach suggested for the mitigation of the
dislocation effects and for the control of the indium segregation in
InGaN alloys is the growth of nano-structured devices [4–6].

In this work we report a detailed study on Mg and Ge doping of
InGaN and describe the fabrication of large area green and yellow
InGaN nanocolumn LEDs on Si (1 1 1) substrates. Finally we

discuss the mechanism responsible for the reduction of the
electroluminescence intensity of these nanocolumn devices.

2. Materials and methods

The films were grown using 2 in. insulating GaN-on-sapphire
templates and the growth of GaN and InGaN films was initiated by
depositing 200 nm of nominally un-doped GaN, using a production-
style plasma-assisted molecular beam epitaxy system (PA-MBE).
The samples of GaN doped with magnesium were grown at 6051 C.
All InGaN films were grown at a substrate temperature of 5451 C,
except where indicate differently, using the same indium flux and
have a thickness of 300 nm. Mg cell temperature was increased
such that the equivalent beam pressure (BEP) at the sample surface
ranged from �1�10�9 Torr to 1.6�10�7 Torr. The light emitting
diode structures have been grown on 4 in. p-type silicon (1 1 1)
wafers. The typical structure is Si(1 1 1)/AlN/n-GaN/n-InGaN/p-
InGaN/p-GaN and the estimated thickness of the Ga containing
layers (n-GaN/NC-InGaN/p-GaN) is 300 nm/850 nm–1000 nm/
160 nm. During the growth of the nanocolumns In and Ga fluxes
were set for BEP 3�10�7 Torr, and 4�10�8 Torr respectively while
the Nitrogen plasma had a total flow of 18 sccm with an approx-
imate BEP of 1.4�10�4 Torr. The growth temperature for these
samples, at the substrate surface, was between 5151C and 5251C.

The composition and the thickness of the films were evaluated
by Rutherford backscattering spectrometry (RBS) and secondary
ion mass spectrometry (SIMS), while crystallinity of the film was
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evaluated using the ion channeling. Electrical properties of the films
were determined using Hall effect and electrochemical capacitance
voltage (ECV) measurements . Finally, optical emission from photo-
luminescence (PL) and the electroluminescence (EL) were measured
using an OceanOptics spectrometer.

3. Results and discussion

The properties of Mg doped GaN and InGaN films with indium
fraction up to 40% have been investigated. Normalized ion chan-
neling yield, χ has been used as a measure of the crystalline
quality. The effect of magnesium incorporation on the structural
quality of GaN films is presented in Fig. 1. The decrease of the
channeling yield at surface, in comparison with the channeling
yield at 500 nm, suggests the improvement of crystal structure
with the progression of growth. The comparison also indicates that
the differences in doping behavior that are seen in the mid region
(p&n) of the graph in Fig. 1 are not caused by crystal defects
whether buried or at surface.

Fig. 1 suggests that the crystalline perfection of the Mg doped
GaN degrades as the Mg concentration in the film increases.
Drastic degradation of the film crystallinity occurs at Mg concen-
trations of �6–7�1020/cm3. The plot also indicates that, for the
experimental conditions described, hole conduction can be achieved
and maintained up to a magnesium concentration of �2�1020/cm3.
This is in agreement with our previous report [7] that the p-type
conduction domain is followed by a sudden transition to
n-type conduction ensued around a Mg concentration of 7�1020/
cm3. The inclusion of new SIMS measurements in this data set
suggests that between 2�1020/cm3 and �6–7�1020/cm3 the
material conductivity, as measured by Hall method, can be domi-
nated by either electrons or holes as can be seen in Fig. 1.

The crystlline quality of the n-type samples in this region, as
suggested by the normalized ion channeling, appears to be similar
to p-type samples that have incorporated less Mg and therefore
does not seem to be the cause of the electron conduction. The
evolution of GaN crystallinity for one of these samples is presented
in Fig. 2.

At the interface with the insulating template, the film exhibits
increased lattice disorder that is reflected in the relative larger ion
channeling yield. As the growth advances the channeling yield
decreases in a linear fashion and the trend does not change with
the arrival of Mg at the growth surface. The mobility associated with
hole carriers has been found to be correlated with the Mg

concentration. The hole mobility can be modeled, with a good
correlation coefficient (R2¼0.885), by a power law of the impurity
density with a negative scaling coefficient (α¼�5.1). The correla-
tion between the hole mobility and the Mg concentration is an
indication of the origin of the p-type conduction with Mg ionization.
The measurements show that high hole mobility (10–12 cm2/V s) is
associated with the lower Mg concentration (2�1019/cm3) while
the hole mobility decreases (�2 cm2/V s) with the increase of the
magnesium concentration.

For the n-type samples, the electron mobility does not correlate
well with the increase of the Mg concentration suggesting that
extended defects originating in the Mg doping process rather than
point defects are responsible for the generation of the conduction
electrons. The large density of Mg in this growth regime could hamper
the nitrogen incorporation leading to the formation of nitrogen
vacancies (VN) and the formation of MgGa–VN complexes [8,9]. The
electron mobilities are in the range from 50 cm2/V s (5�1018/cm3-
Hall density) to 152 cm2/V s (1�1018/cm3-Hall density) for Mg con-
centrations larger than 3�1020/cm3. InGaN films with indium frac-
tions up to 40% as estimated by RBS have been grown and doped with
Mg and Ge. Channeling yield has been used to evaluate the crystalline

Fig. 1. Effect of magnesium incorporation in GaN as expressed by the ion
channeling yield. Mg concentration has been determined by SIMS. Low values of
the channeling yield are associated whit a low density of structural defects while
higher scattering rates result due lattice imperfections.

Fig. 2. Evolution of the GaN crystalline quality as expressed by the ion channeling
yield during the film growth and magnesium doping. Mg concen-tration has been
determined by SIMS.

Fig. 3. Effect of magnesium incorporation on the InxGa1�xN indium fraction and
crystalline quality, as reflected by the ion channeling yield.
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quality of the films, with and without Mg doping. The evolution of the
yield with the increase of the Mg concentration is presented in Fig. 3.

The incorporation of indium determines the degradation of the
InGaN film crystalline quality when compared with GaN, the ion
channeling yield being about one order of magnitude larger in the
case of InGaN films, whether measured at surface (0.2–0.26) or
400 nm below (0.37–0.46). The channeling yield therefore cannot
be used to accurately represent the effect of Mg incorporation. In
this case the magnesium incorporation limit has been determined
based on the competition between In and Mg for the group III
lattice site. This substitution is characterized by a threshold with
respect to indium incorporation, as can be seen in Fig. 3.

The determination of the electrical characteristics of the InGaN
films doped with Mg is challenging for a couple of reasons. On one
hand, Mg-doped layers are typically grown on top of thin un-
doped InGaN films that exhibit native n-type conductivity. The
relatively large defect density of the InGaN films with high indium
fraction (420%) ensures that the metal contacts used for the
fabrication of the Hall samples have a high likelihood to contact
both layers, p-type and n-type. This results in Hall measurements
where the mobility and carrier concentration reflect predomi-
nantly the n-type layer, since the contacts with this material are
usually ohmic.

On the other hand, for InGaN films with indium fraction larger
than 35% the Fermi level becomes pinned above the conduction
band edge and as a result electrons accumulate at the surface. The
conductivity measurement of such films will reflect mostly the
surface electron accumulation, obscuring to a large extent the
properties of the carriers in the bulk.

Germanium has been used as n-type dopant for both GaN and
InGaN layers. For these layers, we have determined the electron
concentration and mobility using Hall measurements. For both
GaN and InGaN we have found electrons concentrations in
the range from 1�1018/cm3 to 7�1020/cm3. At low electron

concentration the mobility in the films reaches the maximum
while with increasing carrier concentration, associated with
increased Ge incorporation, the electron mobility saturates and
converges for both films to values around 40 cm2/V-s.

The goal of analyzing the doping characteristics of the GaN and
InGaN layers was to allow the growth of p–n junction devices with
optimized properties. The presence of dislocations leads to a
decrease of the device performance, as represented by the external
quantum efficiency (EQE). Another factor contributing to the low
operation efficiency of the nitride devices is the charge polariza-
tion that leads to the quantum confined Stark effect (QCSE).

A possible solution attempting to overcome these detrimental
properties concerns the growth of nanocolumn based devices. The
nanocolumns growth can eliminate or reduce the density of misfit
dislocations [4], and suppress the effect of the polarization field if
the p-n junctions are fabricated along the radial direction that
coincides with the direction of non-polar III-nitride planes.

In this context, the catalyst-free growth appears as an attractive
alternative that allows the growth of high crystalline quality nitrides
with no need for substrate patterning. In Fig. 4, the schematic of the
structures grown is presented. The goal of the growth was three
fold: (1) to nucleate and grow InGaN nanocolumns, (2) to form pn-
junctions in InGaN by doping the upper side of the columns with
Mg, and (3) to grow a continuous p-type GaN cap layer that could
isolate the junction region from the device surface. The accurate
evolution stage of the nanostructures cannot be evaluated in-situ.
Therefore, to reach the goals of InGaN nanocolumn growth and of a
continuous p-GaN cap-layer, a series of samples have been grown
under identical growth conditions. For these samples the growth was
stopped at essential stages, as indicated by RHEED and schematically
represented in Fig. 4, to study the surface morphology. The surface of
the samples has been imaged by SEM and the pictures obtained for
each of these 3 stages are presented in Fig. 5.

Fabrication of nanocolumns using a catalyst-free approach resulted
in an average surface density, regardless of the cross-sectional size
column density of�23 μm�2 and the nanocolumns occupy approxi-
mately 76% of the growth plane surface. The estimated diameters of
the nanocolumns range from �100 nm up to �300 nm. The majority
(64%) of them have cross-sections that can be approximated by circles
with diameters between 150 nm and 200 nm and if the diameters up
to 300 nm are included the proportion of nanocolumns in this range
reaches 90%.

The predominance of the diameters between 150 nm and
200 nm suggests that the lateral growth is limited and most of
the material is deposited along the c-axis of the nanocolumn
which is expected for the nitrogen-rich PA-MBE growth. This
observation is in agreement with the model proposed by Foxon
et al. [10]. For the case of our structures another mechanism is
obvious. As the diameter of the nanocolumns increases, the space
available between the columns decreases to the point where the
arrival of the precursors is impeded by a shadowing effect.

Fig. 4. Schematic of the main growth steps of the nanocolumn LED. (a) Nucleation and
development of the InGaN nanocolumns, (b) start of the nanocolumn coalescence,
(c) fully coalesced GaN:Mg cap layer.

Fig. 5. InxGa1�xN nanocolumn: scanning electron microscope (SEM) top view of the nanocolumns during the growth of the device. (a) InGaN:Mg nanocoulumns, (b) start of
the GaN:Mg nanocolumn coalescence, (c) fully coalesced GaN:Mg cap layer.
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Two different samples have been used to measure the electro-
luminescence. The EL intensity for the two structures is presented
in Fig. 6(a). In Fig. 6(b) the emission of large area (5�5) mm, green
LED is presented at low and high current. At low current the
columnar emitters are visible (top).

Although the current injection characteristics were the same
for the two structures, it is noticeable that the intensity of the
yellow LED is reduced by almost 40% when compared to the
intensity of the green LED. The decrease of the emission intensity
has been known to occur in correlation with the increase of the
indium fraction in the quantum wells of the GaN/InGaN LEDs [11].

While most of the work has been focused toward the mitigation
of the carrier separation in the quantum wells (QCSE), the reduction
of the polarization through the use of non-polar substrates has not
provided the desired advance. More recently, the use of strain
compensation techniques have allowed the achievement of larger
than 1W light power output [12]. However, the external quantum
efficiency for these structures has remained below 3% demonstrating
the conversion process inefficiency.

It has been demonstrated that the density of the threading
dislocations is a factor in the degradation of the light emission
efficiency in GaN [13]. The resilience of the III-nitrides to the
presence of dislocations with densities in the range from
108 cm�2 to 1010 cm�2 is due in large part to the potential
barriers separating the surface of these dislocations from the
bulk of the semiconductor volume, either n-doped or p-doped.
Excited carriers can overcome the barriers (Ee¼0.55 eV,
Eh¼0.9 eV) under light excitation and this behavior has been
manifested and studied as photoconductivity. The presence of
external bias and injection charges at the surface of the disloca-
tions can also alter the band bending and the width of the barrier.
However, the strongest effect on the barrier height is associated
with the increase of indium fraction in InGaN, as can be seen
from Fig. 6(c). In n-type GaN the conduction band edge is pinned
above the Fermi stabilization level (EFS) and a thin region at the
surface is depleted from electrons [14]. The increase of the
indium fraction reduces gradually the barrier height such as at
�35% indium fraction the relative energy of the conduction band
coincides with the Fermi stabilization level and the flat band
condition is reached. For InGaN with indium fractions larger than
35% the conduction band edge is pinned below the Fermi level
(EFS), allowing electrons to accumulate at the material surface.

We speculate that this gradual reduction of the potential barrier
at the InGaN surface is responsible for the increase of the leakage

currents in InGaN p–n junctions and is the mechanism that governs
the gradual reduction in the external quantum efficiency of the light
emitting diodes (LEDs) with the increase of the indium fraction in the
active region. This phenomenon is also known as the “Green Gap”.
The emission wavelength corresponding to 35% indium fraction is
�583 nm, located in the yellow band of the visible spectrum.

4. Concluding remarks

The quantitative limits of Mg and Ge doping of GaN and InGaN
have been explored and the effect of impurity incorporation has
been evaluated with respect to the impact on material crystalline
quality, carrier mobility and carrier density. For the case of InGaN,
the competition between In and Mg determines the upper limit for
p-type doping. We have found that for Mg fluxes larger than
1�10�7 Torr (BEP) corresponding to Mg volume density of
more than 3�1021 cm�3 indium incorporation has been largely
prevented.

InGaN nanocolumn p–n junctions were grown on silicon (1 1 1)
using a buffer layer of n-AlN/n-GaN and p-GaN as cap layer. The p–n
junction were located in the InGaN column volume. The coalescence
of the p-GaN layer has been successfully employed for the separation
of the metal deposition from the p–n junction region. The electro-
luminescence of these structures has been measured with wave-
lengths of 535 nm (green) and 593 nm (yellow). The intensity of the
yellow LED has shown a decrease of almost 40% when compared
with that of the green LED.

We propose that the EQE decrease associated with the increase
of the In fraction in the active region of LEDs, known as the “Green
Gap”, is determined by the decrease of the energy barrier
separating the surface of threading dislocations from the volume
of the semiconductor structure. Our assertion is based on indirect
evidence obtained performing photovoltaic experiments and on
the calculated position of the band gap edges with respect to
Fermi stabilization energy.
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Fig. 6. InxGa1�xN nanocolumn LEDs: (a) electroluminescence at room temperature, (b) low current and high current optical view of a 5�5 mm LED, (c) energy with respect
to vacuum of the conduction and valence band edges, as a function of InxGa1�xN composition.
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a b s t r a c t

The influence of waveguide design on performance of nitride based laser diodes (LDs) grown by plasma
assisted molecular beam epitaxy is studied. A large improvement in threshold current density and slope
efficiency of LDs is observed when an InGaN interlayer with 8% In content is introduced between multi-
quantum-well region and electron blocking layer. This dependence is attributed to reduction of internal
losses due to lower optical mode overlap with highly absorptive Mg-doped layers. This led to
demonstration of blue LD operating at λ¼450 nm with high optical power of 500 mW per facet.

& 2015 Elsevier B.V. All rights reserved.

1. Introduction

In the past two decades nitride optoelectronic devices had been
developed to commercial standards and became widely available. The
epitaxial structures of all of the commercial light emitting diodes and
laser diodes (LDs) are grown by Metal Organic Vapor Phase Epitaxy
(MOVPE) [1]. However, the recent progress in understanding the new
growth mechanism for nitrides in Plasma Assisted Molecular Beam
Epitaxy (PAMBE) [2–4] together with a remarkable control of growth
parameters has renewed interest in MBE technology as a possible
alternative in some applications [5]. The main difference in growth of
III–N compounds between PAMBE and MOVPE is the growth tem-
perature which in case of PAMBE is 200–300 1C lower than in MOVPE.

Optimization process of epitaxial design of LD requires compre-
hension of factors such as strain distribution, voltage drop, carrier
injection, optical confinement and optical losses just to name a few.
In this paper we will focus on optical losses generated by epitaxial
layers. In the past decade many researchers focused on this problem
and found Mg-doped layers to be responsible for generation of the
optical losses [6]. As a solution to this problem it had been proposed
by Uchida et. al [7] to insert an undoped AlGaN interlayer between
multi-quantum-well (MQW) region and Mg-doped layers to reduce

the optical mode overlap with highly absorptive layers and thus
reduce the internal losses.

Low temperature PAMBE proved to be technology of choice for
growth of high quality InGaN layers. Application of InGaN layers as
waveguides in LDs opens up new design possibilities for more
efficient LDs [8].

In this paper we investigate properties of LDs with InGaN
waveguide grown by PAMBE. We focus on the influence of
In0.08Ga0.92N interlayer between MQW region and electron block-
ing layer (EBL) on threshold current density and slope efficiency of
blue (λ¼450 nm) LDs.

2. Experimental

The growth of LD structures presented in this work was
performed in a customized VG V90 MBE reactor equipped with
two Veeco RF plasma sources, operating at 240–450W power for
0.8–2 sccm of N2 flow. All of the LDs were grown on bulk Ammono–
GaN substrates with threading dislocation density (TDD) in the order
of 104 cm�2, grown by an ammono-thermal method [9]. The epi-
ready substrates were prepared by mechanical polishing and
mechano-chemical polishing. The crystals had miscut 0.5 degree
towards [1–100] direction. The growth of GaN and AlGaN cladding
layers were performed at 720 1C under gallium-rich, while InGaN
layers were grown at 650 1C under indium-rich conditions. Growth
of AlGaN in EBL was performed at 650 1C with indium as a surfactant.
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Growth rate for all layers apart from MQW was equal to supplied
nitrogen flux of 0.35 μm/h. The MQWs were grown using 1 μm/h of
N flux. The nitrogen flux was calibrated during GaN growth under Ga
rich conditions. Details of the InGaN growth mechanism in PAMBE
can be found in Ref. [4,10].

3. Laser diode structure

Fig. 1(a) presents schematics of the LD design. The laser structures
consist of a 700 nm Al0.065Ga0.935N:Si cladding layer, a 100 nm GaN:
Si, a 80 nm undoped In0.08Ga0.92N waveguide, an active region
composed of three 2.6 nm In0.17Ga0.83N QWs separated by 8 nm
In0.08Ga0.92N quantum barriers. Then the In0.08Ga0.92N interlayer is
grownwith thickness changed from 5 to 60 nm. The EBL is composed
of AlGaNwith a Mg doping level of 3�1019 cm�3. This is followed by

a 500 nm GaN:Mg cladding layer or 100 nm GaN:Mg and 400 nm
Al0.065Ga0.935N:Mg to further enhance optical confinement. The
LD structure is capped with 60 nm In0.01Ga0.99N:Mg acting as a
contact layer.

Fig. 1(b) shows a large area high-angle annular dark field scanning
transmission electron microscopy (HAADF–STEM) image of LD with
the thickest InGaN interlayer D¼60 nm taken in a TITAN CUBED 80–
300 system operating at 300 kV equipped with Cs-corrector. Cross-
sectional STEM specimens were prepared by a standard method,
based on mechanically prethinning of the samples followed by an Ar
ion milling procedure. In this LD the total thickness of In0.08Ga0.92N
was 160 nm and we did not observe creation of any extended defects
after growth of such thick InGaN layers. Fig. 1(c) shows magnification
of the MQW region. Furthermore, we investigated the whole LD
structure using X-ray reciprocal space mapping. We used an Philips
X'Pert MRD X-ray diffractometer equipped with a fourfold Ge (220)
monochromator, a threefold Ge (220) analyzer, and an X-ray mirror.
Fig. 2 presents the reciprocal space map of asymmetric ð1114Þ
reflection of LD with the thickest In0.08Ga0.92N interlayer D¼60 nm.
As can be seen from Fig. 2 the there is no relaxation and the InGaN
waveguide is fully strained to GaN substrate.

The LDs are processed as ridge waveguide lasers with mesa
etched to a depth of 470 nm. Mirrors of the resonator were cleaved
and facets were left uncoated.

4. Influence of waveguide design on lasing threshold

Fig. 3(a) presents threshold current density of LDs as a function of
In0.08Ga0.92N interlayer thickness D. We observed a dramatic reduc-
tion of threshold current density which we attribute to a decrease of
internal optical losses due to a smaller optical mode overlap with Mg-
doped layers. This is also confirmed by slope efficiency measurement.
The slope efficiency is related to internal losses through the following
equation [11]:

dP
dI

¼ ηi
αm

αmþαint

� �
hν
q

ð1Þ

where ηi is the injection efficiency, αint are internal losses,
αm ¼ ð1=2LÞlnðR1R2Þ are mirror losses, where L is the resonator
length and R1 and R2 are reflectivities of front and rear mirrors.
Fig. 3(b) shows a significant increase of slope efficiency with the
thickness of the InGaN interlayer. According to Eq. (1) this may be

AlGaN:Si

80nm InGaN 8%

GaN
c-plane substrate

D (nm) InGaN 8%

100nm GaN:Si

700nm AlGaN:Si 6.5%

2.6nm InGaN 17%
3x 8nm InGaN 8%

30nm AlGaN:Mg

contact layer

400nm AlGaN:Mg 6.5%
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Fig. 1. (a) Schematics of LD structure (b) large area HAADF–STEM cross-section image showing no extended defects (c) HAADF–STEM image of MQW region.
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Fig. 2. Reciprocal space map of asymmetric ð1114Þ reflection of full LD structure
with thick InGaN waveguides showing no relaxation.
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due to a change in ηi or αint since all of the LDs had the same
αm¼17 cm�1. It is highly unlikely that injection efficiency increases
for LDs with larger distance between MQW and EBL but to validate
that the change in slope efficiency is caused solely by αint we have
measured internal losses of these devices using the Hakki-Paoli
technique [12]. Fig. 3(b) presents the αint data which confirms the
decrease of optical losses for LDs with increased thickness of InGaN
interlayer.

5. High power LD by PAMBE

The decrease of internal losses has led to a significant
improvement in parameters of LDs grown by PAMBE. Fig. 4 shows
light-current–voltage characteristics of a high power LD with
In0.08Ga0.92N waveguide. The thickness of interlayer between
MQW and EBL in this LD is 40 nm. It is important to stress that
the facets of this LD are without coating so the optical power is
emitted equivalently in both directions. The maximum observed
optical power was 500 mW per facet.

6. Summary

In this work we investigated the influence of waveguide design
on performance of blue LDs grown by PAMBE. In particular we
showed that inserting an InGaN interlayer between MQW region
and EBL with high In content of 8% significantly reduces the
threshold current density and increases slope efficiency. Interlayer
with thickness up to 60 nm had been successfully grown and
showed no relaxation of laser structure. This had led to demon-
stration of high power blue LDs with 500 mW of optical power
per facet.
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Fig. 4. Light-current–voltage characteristics of high power LD grown by PAMBE.
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