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Editorial

Preface of the 18th International Conference on Molecular Beam

Epitaxy (MBE 2014)

CrossMark

The first International Conference on Molecular Beam Epitaxy
(IC-MBE) was held in Paris in 1978, chaired by Alfred Y. Cho. Every
other year since, with the exception of a four-year break after the
initial meeting, the IC-MBE has been held in European, Asian, and
North American venues. The 18th and latest IC-MBE was held in
Flagstaff, Arizona, USA, September 7-12, 2014, and was chaired by
Yong-Hang Zhang (Arizona State University). MBE is an advanced
crystal growth method that benefits areas from the study of
fundamental physics, all the way through the production of
devices used in countless fields. IC-MBE brings together research-
ers from all over the world, and is the premier forum for scientific
and technological exchange among researchers investigating all
types of materials growth using the MBE technique.

The 18th IC-MBE included 432 attendees from 24 countries.
The technical program featured 90 oral presentations in three
parallel sessions, as well as 143 poster presentations. Importantly,
more than 60% of the presentations were given by students, which
affords great confidence for the future of MBE. In addition to the
contributed work, there were 16 invited presentations and three
plenary talks. Ted Moustakas (Boston University, USA) spoke on
the fundamental differences between cubic IlI-V compounds
and wurtzite nitride semiconductors produced by MBE. Tomasz
Wojtowicz (Polish Academy of Sciences) described the MBE
growth of II-VI dilute magnetic semiconductor nanostructures
for spintronic research. Qi-Kun Xue (Tsinghua University, China)
explained the role of MBE in the study of topological insulators
and high temperature superconductivity. These plenary sessions
were extremely well-attended and well-received.

IC-MBE 2014 included a special Sunday event, Meeting with
MBE Pioneers, which captured the history of the development of
MBE and the personal reflections of researchers integral to the

http://dx.doi.org/10.1016/j.jcrysgro.2015.06.001
0022-0248/© 2015 Published by Elsevier B.V.

evolution of the technology and its use. Ray Tsu gave the session's
keynote speech on The Birth of Semiconductor Superlattices. Other
highlights during the week included a conference excursion to
Sunset Crater and the Wupatki National Monuments, and a
conference banquet showcasing a variety of entertainment from
the Southwest region of the United States.

In this special issue of the Journal of Crystal Growth, we have
collected 91 papers associated with presentations at the 18th
IC-MBE held in Flagstaff, Arizona. The papers in this issue reflect
the breadth of the meeting, demonstrating continued progress in
MBE fundamentals, elemental and compound semiconductors,
oxides and novel materials, nanostructured materials, and devices.
This issue provides a valuable snapshot of the state of the field of
MBE during this time, and will help to enable future success in
MBE-related research.

Finally, we wish to thank everyone who helped to make the
18th IC-MBE a success, including the Conference Chair and
Organizing Committee, the Program Committee for assembling
stimulating technical sessions, the authors and reviewers who
contributed to this issue, all of the companies and organizations
that contributed financial resources, as well as Naveen J. Raja, Yanli
Gao, and Xiaolin Li at Elsevier who were instrumental in creating
the final record. We look forward to seeing you at the next IC-MBE
Conference in 2016 in Montpellier, France, which will be chaired
by Eric Tournie.

Guest Editors
April S. Brown, Aaron J. Ptak
United States
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In-situ Auger electron spectroscopy was used to determine the 1:1 flux ratios of Ga and N during growth
of GaN by molecular beam epitaxy at low substrate temperatures. By linearly ramping the Ga-flux, while
keeping the N-flux constant, and simultaneously measuring the chemical composition by monitoring N
and Ga Auger peaks, the time of deviation from stoichiometry could be determined. The method was
applied at very low substrate temperatures where reflection high-energy electron diffraction does not
reveal clear growth mode changes. The importance of the N- vs Ga-rich conditions were confirmed with
transmission electron microscopy which showed a distinct change in crystallinity between material at
the top and bottom of the film, which are in agreement with previous findings.

Published by Elsevier B.V.

1. Introduction

Conventional II-V molecular beam epitaxy (MBE) growth is
typically performed under group-V rich conditions. It has been
known for some time that state-of-the-art GaN grown by plasma-
assisted MBE requires slightly Ga-rich conditions [1] at very high
substrate temperatures (~700-800 °C). Early work [1] asserted
that N-rich conditions led to three-dimensional, columnar growth
and low electron mobilities [2]. Some research has concluded that
growth must be done with the fluxes set to obtain films as close to
the stochiometric condition as possible [3], while others maintain
that it must be done in the ‘intermediate range’ (Ga-rich but just
short of droplet formation) [4,5]. In any case the window for
obtaining Ga rich films without inducing Ga droplet formation is
small, and precise determination of the 1:1 condition is important.

For Ga-rich conditions, the GaN (0001) surface is terminated by
approximately one bilayer of Ga atoms [6-8], which results in a
smoother morphology than found in films grown under N rich
conditions [9,10]. Feenstra et al., explains in detail the mechanisms
of the N-rich and Ga-rich growth modes, and also discusses that

* Corresponding author. Tel.: +1 301 394 0605.
E-mail address: stefan.p.svensson.civ@mail.mil (S.P. Svensson).

http://dx.doi.org/10.1016/].jcrysgro.2015.02.035
0022-0248/Published by Elsevier B.V.

while the Ga-rich conditions lead to smoother films, there is a cost
to be paid in terms of Ga-droplet formation and leakage current
induced by Ga-filled threading dislocation cores [9].

We have been investigating highly mismatched alloys (HMAs)
that consist of various amounts of Sb [11,12] and As [13] incorporated
in GaN for solar water splitting applications. The bandgap of these
materials is drastically reduced for even very small amounts of Sb
and As, and the absorption seems to be unaffected by the film's
crystallinity or lack thereof. ‘Low temperature’ growth of GaN onto
sapphire or SiC substrates typically refers to temperatures that are as
high as 700 °C. Our samples are grown at extremely low tempera-
ture, as low as 80 °C, and more recently, at ~300 °C. The initial low
temperatures were initially chosen in order to avoid phase segrega-
tion, and to demonstrate that films with the desired bandgap
properties could be grown on ‘cheap’ substrates such as glass. We
are experimenting with higher temperatures to see if Sb can still be
incorporated, and because it is likely that higher crystalline quality is
desirable for device applications.

Although we were aware of no comparative studies of Ga vs N
rich films grown at these extreme low temperature regimes, or for
polycrystalline and amorphous films, it made sense to start with
Ga-rich conditions given the prior research. Also, others had noted
that the sensitivity to the V/III ratio is even more pronounced for
low temperature growth. Heying et al., found that for ‘low-T" MBE
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(~720 °C) grown GaN, impurity incorporation, point defect densi-
ties, and electrical properties were extremely sensitive to the Ga/N
flux ratio, with slightly Ga-rich conditions being favorable [14].

Surprisingly, we found that it was not possible to change the
bandgap with increasing Sb-concentration for Ga-rich conditions
[12]. Instead, the bandgap appeared to be dominated by a defect
state. However, by switching to N-rich conditions, the bandgap
was observed to change and roughly followed the predictions of
the band-anti-crossing model [15].

These examples illustrate that determining the critical conditions
where the growth changes from N- to Ga-rich is very important,
even for non-single crystalline films grown under non-ideal condi-
tions. For MBE growth of IlI-V materials, the flux ratios from the
group Il and V elements can be measured by an in situ beam flux
monitor and the fluxes for stoichiometric growth can be determined
using reflection high-energy electron diffraction (RHEED) oscillations
on a single sample. However, in the case of plasma assisted nitride
growth, the active N-content in the beam from a nitrogen RF plasma
source is usually not known and RHEED oscillations are not observed.
For conventional GaN growth the typical procedure for determining
the critical Ga-flux is therefore to fix the N-flow while increasing the
Ga-flux. Under these conditions it may be possible to observe a
change in the RHEED pattern on a single sample, but more typically a
series of films are produced and the growth rate is determined. Ga-
rich conditions are established when the growth rate as a function of
Ga-flux ceases to increase. For highly mismatched alloy (HMA)
growth [12,15] this would be the only method available since the
RHEED pattern does not exhibit a clear transition.

2. Experiment

The GaN films were grown on (0001 )-oriented 2-inch double-side
polished and uncoated, sapphire substrates by plasma-assisted MBE
in a GENII system. We are primarily interested in growth on sapphire
substrates, therefore those samples comprise most of the data and
analysis discussed in this paper. The system has a Uni-bulb plasma
source operated at 400 W with a flow rate of 0.58 sccm to provide
active nitrogen, and elemental Ga was used as the other source. The
absolute Ga fluxes were determined from growth rate characteriza-
tion by RHEED oscillations of GaSb on GaSb. The N-flow was fixed
to generate a steady-state background chamber pressure of 1.5 x
10> Torr, while the Ga source was set up to generate a linear flux
ramp from 9.8 x 10’ to 3.9 x 10'® at/(m? s) over two hours. (The
relationship between flux and cell temperature had been determined
previously). The substrate temperature was set by the thermocouple
and held at 325 °C. No attempt was made to relate this to the real
temperature of the sapphire.

During the Ga ramp the Auger electron signals for N (KLL,
385 eV), and Ga (LMM, 1065 eV) were repeatedly recorded in the
growth position using a STAIB Auger Probe [16]. The repetition rate
was chosen to capture enough detail of the dynamic events but
not optimized. The RHEED gun, operated at 12 kV and an emission
current of ~1.5mA, is used to excite Auger electrons, and the
electron detector/analyzer is located in a source port. Alignment
was done on a separate very small sample centered on a In-
bonded block. To ensure stable signals the sample was not azim-
uthally rotated during the deposition. This is irrelevant to the
results since the physical center of the wafer is probed where the
growth conditions represent the average of any off-center points
when the sample is grown with azimuthal rotation.

3. Results and discussion

Typical Auger signal dynamics are shown in Fig. 1. As expected,
both the Ga and N Auger electron signals initially increase as a GaN

Fig. 1. Typical Auger electron signals from Ga and N recorded as a function of time,
while linearly increasing the Ga flux. The broken lines are guides to the eye.

Fig. 2. 20-o XRD scan of GaN film grown under an increasing Ga flux ramp.

film starts to form under N-rich conditions and reach a steady-state
after~10 min. The increase is due to the electron escape depth
exceeding the film thickness. At the start there is a time shift
between N and Ga signals due to the sequential sampling of the two
signals. In this experiment the N-signal started decreasing at about
65 min, which we define as the boundary between N- and Ga-rich
conditions. The Ga-flux at this point was 2.5 x 10'® at/(m? s). The
decrease is accompanied by a slight increase in the Ga-signal due to
formation of Ga-droplets that cover the underlying GaN and
prevent the Auger electrons from N to reach the surface.

GaN on sapphire grown under Ga and N rich conditions at
325 °C is polycrystalline, with a tendency to align along the (0002)
growth plane. Fig. 2 shows the 26-w x-ray scan for the sample
grown under the ramped Ga flux. The two strong and sharp peaks
correspond to the (0006) and (0012) sapphire planes. The two
broader peaks correspond to the (0002) and (0004) GaN planes.
The sample grown on Si had only a faint (0002) GaN peak and
appeared to be primarily amorphous.

Rutherford backscattering depth profiles were collected, and
the films were found to be stoichiometric throughout the thick-
ness. Absorption measurements on the GaN film grown on sap-
phire indicate a bandgap of 3.25 eV.

Cross sectional transmission electron microscopy (TEM) of the
GaN/sapphire sample grown in the N-rich growth region is shown
in Fig. 3. Consistent with the XRD result, the film is polycrystalline
with many regions strongly aligned with the sapphire substrate.
Prior studies have shown that both Ga and N rich films grown at
these low temperatures are columnar with the column boundaries
lying along the growth direction [12]. Fig. 4 is a cross sectional TEM
image of the Ga-rich growth region. The columnar structure seems
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Fig. 3. N-rich region of GaN film grown under increasing Ga flux ramp. The arrow
denotes the (0006) direction of the substrate (which is not shown in this image).

Fig. 4. Ga-rich region of GaN film grown under increasing Ga flux ramp. The arrow
denotes the (0006) direction of the substrate (which is not shown in this image).

to rotate by approximately 30°. The polycrystalline nature of the
diffraction pattern is the same throughout all regions of the film.
We have not seen inclined columns in Ga rich films grown directly
onto sapphire substrates in previous studies, so this feature may be
related to the ramping of the Ga cell temperature.

Once the 1:1 Ga-N flux was determined, we grew bulk GaN and
a series of GaNSb films on sapphire with the Ga flux fixed at
2.35 x 10" at/(m?s). This Ga flux value should be just inside the
N-rich region, but we do not want to be excessively N rich given
that we find such conditions will increase the surface roughness
[12]. The same substrate temperature of 325 °C was used, and
Sb-flux ranged from 0 to 7.82 x 10" at/(m?s). These conditions
resulted in films that ranged in Sb composition from 0 to 16%. We
found that the bandgap continuously shifted from 3.3 eV to 1.6 eV
over this composition range. The shifting bandgap with Sb
composition further indicates that we successfully identified the
N-rich growth condition with the Auger probe.

4. Conclusion

It is important to define the growth parameters that result in
N-rich/Ga-rich condition for GaN based alloys. We have used an
in situ Staib Auger Probe to determine the boundary between Ga and
N rich growth conditions of GaN grown on sapphire substrates by
ramping the Ga source until the N signal dropped off. We then grew
bulk GaN and GaNSb highly mismatched alloys under the growth
conditions determined by the ramping experiment, and found that
the resulting films had the desired properties of N-rich growths.

The 1:1 Ga/N flux ratio can now be determined within
approximately 2 h for each substrate temperature. The exploration
of ideal growth conditions for HMA materials as well as for
conventional GaN growths can be significantly sped up this way
with noticeable savings in time and substrate costs.
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We apply the desorption mass spectrometry (DMS) technique and analyze the desorbed Sb species
in-situ during MBE growth of mixed As/Sb heterostructures. We demonstrate how DMS is useful in pre-
growth calibration of the V/III ratio, the group-III ratio, as well as the Sb-content in quaternary or quinary
mixed As/Sb alloys. We also apply DMS to the digital alloy growth method. For demonstration purposes,
we start with an un-calibrated MBE system, use the DMS technique to calibrate all of the previously
undetermined MBE parameters and grow a ~3.3 pum diode laser heterostructure in only one attempt.
The results demonstrate that the DMS technique will allow the MBE to quickly converge toward a set of
acceptable growth parameters without the need for ex-situ calibration of alloy composition.

Published by Elsevier B.V.

1. Introduction

Epitaxial growth of mixed group-V alloys such as Al,Ga;_x
As;_,Sb, and In,Ga; _,As;_,Sb, are commonly employed in GaSb-
based heterostructures. Achieving the desired composition in such
alloys is complicated by the fact that, under typical MBE growth
conditions, the sticking coefficients for the group-V fluxes are less
than unity. As a result, the group-V beams compete with each other
to determine the As/Sb content “y” in these alloys. This competition
may be sensitive to the absolute value of each group-V flux, the
ratio of the group-V fluxes, the substrate temperature and the alloy
growth rate. There are many studies that have been conducted to
illustrate the trend of compositional variation in the mixed group-V
alloy as a function of one or more of these factors [1-3].

For the MBE practitioner, the group-Ill content “x” in the alloy
can be predicted by routine in-situ RHEED oscillation measure-
ments prior to growth. In contrast, there is no in-situ sensing
technique that is sufficiently well developed to predict the group-
V content “y” in these alloys. Consequently, ex-situ characteriza-
tion such as x-ray diffraction measurements performed on repre-
sentative samples is prescribed. However this is generally less
accurate due to two main factors: (1) x-ray diffraction cannot uni-
quely determine composition in quaternary alloys, thus any uncer-
tainty in the value of “x” will also cause uncertainty in the

* Corresponding author. Tel.: +1 5058465879.
E-mail address: ron.kaspi@us.af.mil (R. Kaspi).
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determination of “y”, and (2) Not all of the MBE parameters that
influence “y” may be precisely duplicated and/or adjusted for
growth after ex-situ characterization. An in-situ determination of
“y”, if it can eliminate the need for ex-situ characterization, can be
very valuable in growing GaSb-based heterostructures with the
6.1 Angstrom family of ternary, quaternary and quinary mixed
As/Sb alloys.

One method to determine y in IlI-As; _,Sb,, alloys during MBE
was demonstrated nearly two decades ago, using a quadrupole
mass spectrometer as the in-situ sensor [4]. It was shown that
positioning a quadrupole mass spectrometer in line-of-sight of the
substrate to monitor the desorbed antimony species, it is possible
to quantify the rate of incorporation of antimony during mixed
As/Sb alloy growth.

Historically, mass spectrometry techniques have played an
important role in understanding some of the dynamics of the
surface chemistry during III-V MBE growth. At various times and
under various names, mass spectrometry techniques have been
used to monitor surface dynamics [5-11], monitor sub-surface
dynamics [12,13], and provide calibration and control [4,14,15].
These techniques are not widely used, partly due to lack of dedi-
cated instrumentation and software, partly due to scarcity of ports
in MBE reactors, and partly due to limited awareness of its range of
usefulness.

In this paper, we revisit the desorption mass spectrometry
(DMS) technique to demonstrate its usefulness in the growth of
a multi quantum well diode laser emitting near 3.3 um, contai-
ning strained In,Ga;_,As;_,Sb, quantum wells, lattice-matched
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ALIn,Ga; _x_,As;_,Sby, quinary barriers, and Al.Ga;_xAs;_,Sb,
quaternary alloy clad layers. We report the results of this growth,
attempted without a-prior knowledge of fluxes and without any ex-
situ testing. In the process, we also demonstrate how the DMS
technique can be used to determine the mixed As/Sb alloy compo-
sition during “digital alloy growth” where a short period super-
lattice is deposited to emulate that alloy.

2. Predicting conventionally grown alloy composition

A common inexpensive quadrupole mass spectrometer (Stan-
ford Research 1-200 amu) is mounted facing the substrate at the
central port of the bottom flange in a V-90 MBE system equipped
to grow GaSb-based heterostructures. A copper gasket with a
3 mm diameter hole is positioned in front of the ionizing region in
order to limit the line-of-sight to within the 2-in. diameter wafer.

The mass/charge of 121 amu/e signal from the mass spectrometer
was previously shown to be insensitive to the partitioning (cracking
and/or recombination) of the desorbed group-V species across a wide
(320-740 °C) wafer temperature range [4]. We therefore assume that
the 121 amu/e signal indicates a value that is proportional to the total
rate of antimony desorption from the wafer surface in real-time. We
conduct all DMS calibrations using a 2-in. diameter GaAs test wafer,
although any wafer that ensures stoichiometric growth can be used. In
Fig. 1, a typical time evolution of the 121 signal during composition
calibration for a conventionally grown Al,Ga; _xAs; _,Sby is shown. At
time <200 s, first the gallium shutter then the aluminum shutter is
opened resulting in a corresponding decrease (increase) in the rate of
antimony desorption (incorporation) from the wafer surface. Due to
the deposition of the stoichiometric compound, we have a direct way
to quantify “x” in this alloy as B/(A+B) where A is the antimony
consumption rate during GaSb, and B is the additional antimony
consumption rate during Al,Ga, _,Sb. While composition can be deter-
mined in this manner, the growth rate cannot. In order to determine
the growth rate, at least one of the group-III rates must be known, and
act as the anchor to the rest of the calibrations. For example, if the
anchoring flux were Ga with x Monolayers (ML)/s on GaSb, then the Al
flux would be xB/A ML/s and the alloy growth rate would be k-+«B/A
ML/s on GaSb.

Note that the requirement for stoichiometric growth is satisfied
even when the crystalline quality and surface smoothness of the
deposited layer is not optimized. Consequently, the DMS calibration

Fig. 1. Typical sequence of DMS 121 data used to determine quaternary alloy
composition. A is the antimony consumption rate due to Ga, B is the consumption
rate due to Al C is the Sb consumption rate for a given As-VP, and D is the
maximum Sb consumption rate when y=1.

wafer, which in this case is largely mismatched GaAs, can be used and
re-used many times without the worry of maintaining the near lattice-
matched and layer-by-layer conditions that would be required for
RHEED. Note also that the state of strain or relaxation in the DMS test
layer can be ignored because the antimony consumption is measured
relative to the anchoring Ga flux which remains fixed.

In the example shown in Fig. 1, arsenic is introduced to the
growth at time > 200 s. Four different As cracker valve positions
(As VP=20%, 50%, 80%, and 100%) are shown where each increas-
ing level of As flux corresponds to an increased (decreased) rate of
antimony desorption (incorporation). In this case, y(As VP) is
computed as C/D, where C is the antimony consumption rate for
a given As VP, and D is the maximum antimony consumption rate
without arsenic. For added clarity, it is important to note that in
this example, D=A+B. It is easy to see that this in-situ calibration
procedure can be applied generally to all As/Sb alloys.

3. Predicting digital alloy composition

The digital alloy technique to grow quaternary and quinary
mixed group-V alloys is gaining popularity because it provides
several advantages [16-18]. These include the ability to grade the
alloy composition, as well as the ability to make rapid composi-
tional changes in the alloy without changing the effusion cell
temperatures. The assumption is that when digitization is made
with a small enough period (typically 4-8 monolayers) the alloy
properties are largely unaffected.

In this work, we build toward the growth of a ~3.3 pum diode laser
heterostructure which employs a quinary barrier with a nominal
composition of Alyzglng25GagssAS0255bo7s. In doing so, we demon-
strate how the DMS technique can be used to calibrate for this
composition. The digital alloy growth for this alloy can be set up in
many ways. In our case, the period consists of the GaSb/AlSb/InAsSb/
InAs sequence. We choose to adjust the Arsenic cracker valve position,
As-VP to reach the desired composition.

The DMS calibration of this quinary alloy is performed using a
sequence shown in Fig. 2. Four sets of the digital alloy, each using a
different As-VP is grown sequentially while the 121 amu/e signal is
recorded as a function of time. Two anchoring values must also be
determined before making a quantitative assessment of the digital
alloy composition. The first is the maximum rate of antimony
desorption, measured during periods of no growth; i.e. static
surface. The other is the zero value of the 121 amu/e signal
recorded when the antimony shutter is closed both at the start
and at the end of the sequence. Fig. 2 shows a DMS calibration

Fig. 2. Typical DMS sequence for calibrating digital alloy growth. Four consecutive
growths of 20 periods, each with a different As-VP are shown. The desorption rate
axis is calibrated using the known value of GaSb growth rate.
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Fig. 3. A closer view of the desorption data during digital alloy. The total amount of
Sb incident on the wafer, and the total amount of Sb desorbed during one period is
given by the highlighted areas.

Fig. 4. DMS used to determine In cell temperature that produces 0.33 ML/s of In
deposition rate using a known Ga-flux as the anchor.

sequence where 20 period of the digital alloy period is grown
using an As-VP value of 75%, 80%, 85%, and 90%.

The prediction of the Sb-content y in the quinary alloy is made
by quantifying the amount of Sb that is incorporated into each
period. This is determined by subtracting the amount of Sb
desorbed from the surface from the amount of Sb incident during
one period. A close look at desorption data during digital alloy
growth reveals how this can be done. In Fig. 3, two adjacent periods
of the digital alloy are marked for the purpose of identification. In
the first period, the total amount of desorbed Sb is shown as the
gray area under the desorption curve. In contrast, the total amount
of incident antimony is shown as the gray area in the second period.
Note that the upper bound of this area is the maximum desorption
rate during the static surface. To reduce measurement error, it is
advised to compare these areas after the growth of a number of
periods. The average Sb-content “y” is then calculated by computing
the total amount of Sb incorporated over a number of digital alloy

periods divided by the total number of monolayers deposited.
When an anchoring group-III flux is used, such as 0.6 ML/s of Ga
in our case, then the y-axis is scaled to units of ML/s for this
computation.

4. Growth of ~3.3 pm diode laser using DMS

Growth of >3 um diode lasers is difficult due to the diminishing
valence band offset with the InGaAsSb quantum well and the AlGaAsSb
barrier. Recently, it was shown that the quinary ALIn,Ga; _x_ ,As;_,Sb,
alloy can provide sufficient valence band offset to allow room
temperature lasing at 3.3 pm and beyond [19,20]. In a demonstration
of the DMS technique, we chose to grow such a laser structure in one
attempt, with only a prior knowledge of the Ga cell temperature for
0.6 ML/s to which all DMS calibrations can be anchored.

The laser heterostructure was designed to have a 2 um thick
top and bottom digitally grown Alg9Gag10AS0.07Sbo.g3 clad layers,
surrounding a 600 nm-thick digitally grown quinary Algglng»s-
Gag 55AS0.255bg 75 waveguide. At the center of the waveguide, three
10 nm-thick compressively strained Ings;Gag4sASo.24Sbo76 quan-
tum wells were used. Dopant calibrations were also assumed to
yield a Te-doped bottom clad with n~4 x 10"7/cm3, and a Be-
doped clad with p~1 x 10®/cm?.

Based on the growth plan, DMS was used to generate the required
fluxes and As-VP prior to growth using the same GaAs test wafer.
Following the procedures described above, using the 0.6 ML/s of Ga
flux as the anchor, the Sb cracker valve position that gave a Sb/Ga ratio
of ~3 was selected. The remaining group-Ill cell temperatures to
produce indium flux of 0.33 ML/s, Al flux of 0.4 ML/s (waveguide) and
a second Al flux of 0.8 ML/s (clads) were determined using DMS.

As an example, calibration of the indium cell temperature is
shown in Fig. 4. Here we begin with the premise when both In and
Ga are incident on the wafer, the Sb consumption rate should be a
factor of (0.6+0.33)/(0.6)=1.55 higher than the case when only Ga
is present. We therefore start with an indium cell temperature that
is too low, and monitor the Sb consumption rate while slowly
raising the cell temperature. It is evident from the data that the
correct rate of total Sb consumption rate is reached when the
indium cell base temperature is ~889 °C. Time evolution of the Sb
desorption rate in a similar manner was used to generate the Al
cell base temperatures that give 0.4 ML/s and 0.8 ML/s.

DMS was then used to determine the As-VP necessary to attain the
lattice-matched composition for the digitally grown alloys. Following
the general procedure described in Section 3, and the specific example
given for the desired Alg>0lng25GagssASp25Sbo7s quinary alloy, it is
possible to generate a plot of the Sb-content y as a function of As-VP,
as shown in Fig. 5. For y~0.75, an As-VP of 81% was selected to be
necessary at the desired growth temperature. In a similar manner, the
As-VP was determined to be 70% for the lattice-matched quaternary
clad layers, and 95% for the strained quantum wells.

At this point, all cell temperatures and cracker valve positions are
calibrated for the growth of the laser heterostructure, which is grown
immediately following the DMS calibrations. The structural character-
ization is conducted using high resolution x-ray diffraction, and the
(004) omega/2theta reflectivity is shown in Fig. 6. The central peak
contains reflections from the GaSb substrate, both clad layers and the
waveguide. The lattice mismatch is not evident on this scale, and is
therefore well within acceptable limits. The envelope originating from
the compressed quantum wells is clearly seen. Also, two pairs of
satellite peaks (+1 and —1) are present; the inner pair originating
from the waveguide alloy with a 6 ML periodicity, and the outer pair
originating from the clad layers with a 5 ML periodicity. The small
difference in the periodicity was deliberately designed to identify the
Oth order of the corresponding layers.
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Fig. 5. Variation of y in the Alg20lno25GagssAs;—,S, alloy as a function of As-VP,
calculated using the DMS data collected during digital alloy growth.

Fig. 6. Characterization of laser diode grown using DMS. (a) Omega/2theta (004)
XRD diffraction spectrum. (b) LI curves at various temperatures. Emission spectrum
is shown in the inset.

Lasing devices were fabricated from this demonstration wafer and
tested using pulsed conditions in the epi-up configuration as a fun-
ction of temperature. LI curves generated from a typical 100 um x
1 mm cavity device, as well as the wavelength spectrum, are shown in
Fig. 6. At a 1% duty cycle, the total peak power was measured to be
~42 mW at 20 °C and ~140 mW at 5 °C. These device results show
respectable, and constitute a fine baseline for further optimization.
This demonstration shows that the DMS technique will allow the MBE
to quickly converge toward a set of acceptable growth parameters
without the need for ex-situ calibration.

5. Discussion and summary

The demonstration of the DMS technique presented in this paper
lacks an adequate evaluation of precision and reproducibility due to
lack of a sufficient sample size. To do this requires repeated growths,
and even growths using different MBE tools and different DMS
configurations. Rather than claiming precision, we merely want to
demonstrate the plausibility, and describe the procedures used.

In terms of the accuracy of the DMS technique, note that the
desorption signature is somewhat noisy. In this work, we simply
smooth the data prior to analysis. In addition, a small drift may
occur in the mass spectrometer signal during data collection. Both
of these factors are strongly influenced by the quadrupole system,
its ionizing chamber and its electronics. Making only relative
measurements, and providing periodic measurements as refer-
ence, help alleviate the influence of drift.

If we examine the noise band in the DMS signal, we can put an
upper bound to compositional accuracy by allowing the true DMS
signal to be anywhere within the noise band. In this case, we can take
a closer look at data shown in Fig. 4. At the selected indium cell
temperature of 889 °C, the flux value including the maximum error is
155+ 0.03. Therefore, the actual indium flux may range from
0.312 ML/s to 0.348 ML/s giving up to ~6% error in flux. However,
given the fact that the data is monotonically varying when smoothed,
this is likely to be an overestimation of the error.

In summary, we revisit the DMS technique and demonstrate its
usefulness in avoiding ex-situ calibration prior to the growth of
mixed As/Sb heterostructures, such as the 3.3 um diodes, that may
include digital alloy deposition.

Acknowledgments

We gratefully acknowledge the US Air Force Office Scientific
Research for providing funding for this work. We are also grateful
for the use of the Center for Integrated Nanotechnologies (CINT)
facility at the Sandia National Laboratory, where the diode laser
devices were fabricated by AFRL personnel.

References

[1] M. Yano, M. Ashida, A. Kawaguchi, Y. Iwai, M. Inoue, J. Vac. Sci. Technol. B7
(1989) 199.
[2] J. Klem, R. Fisher, T.J. Drummondm, H. Morkoc, A.Y. Cho, Electron. Lett. 19
(1983) 455.
[3] P. Gopaladasu, J.L. Cecchi, K.J. Malloy, R. Kaspi, ]. Cryst. Growth 225 (2001) 556.
[4] R. Kaspi, W.T. Cooley, K.R. Evans, ]. Cryst. Growth 173 (1997) 5.
[5] AJ. Springthorpe, P. Mandeville, ]. Vac. Sci. Technol. B6 (1988) 754.
[6] J.Y. Tsao, T.M. Brennan, B.E. Hammons, Appl. Phys. Lett. 53 (1988) 288.
[7] J.Y. Tsao, T.M. Brennan, J.E. Klem, B.E. Hammons, J. Vac. Sci. Technol. A7 (1989) 2138.
[8] R. Kaspi, J.P. Loehr, Appl. Phys. Lett. 71 (1997) 3537.
[9] KR. Evans, C.E. Stutz, D.K. Lorance, R.L. Jones, ]. Vac. Sci. Technol. B7 (1989) 259.
[10] L. Lapena, P. Muller, G. Quentel, H. Guesmi, G. Treglia, Appl. Surf. Sci. 212-213
(2003) 715.
[11] S. Fernandez-Garrido, G. Koblmiiller, E. Calleja, J.S. Speck, J. Appl. Phys. 104
(2008) 33541.
[12] R. Kaspi, K.R. Evans, ]J. Cryst. Growth 175/176 (1997) 838.
[13] K.R. Evans, R. Kaspi, J.E. Ehret, M. Skowronski, C.R. Jones, ]. Vac. Sci. Technol.
B13 (1995) 1820.
[14] EG. Celii, T.B. Harton, Y.-C. Kao, T.S. Moise, Appl. Phys. Lett. 66 (1995) 2555.
[15] J.Y. Tsao, T.M. Brennan, J.F. Klem, B.E. Hammons, Appl. Phys. Lett. 55 (1989) 777.
[16] Y.-H. Zhang, D.H. Chow, Appl. Phys. Lett. 65 (1994) 3239.
[17] R. Kaspi, G.P. Donatim, J. Cryst. Growth 251 (2003) 515.
[18] Y.-Y. Cao, Y.-G. Zhang, Y. Gu, X.-Y. Chen, L. Zhou, IEEE Photonics Technol. Lett.
26 (2014) 571.
[19] M. Grau, C. Lin, O. Dier, C. Lauer, M.-C. Amann, Appl. Phys. Lett. 87 (2005)
241104.
[20] G. Belenky, L. Shterengas, G. Kipshidze, T. Hosoda, IEEE ]. Sel. Top. Quantum
Electron. 17 (2011) 1426.


http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref1
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref1
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref2
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref2
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref3
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref4
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref5
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref6
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref7
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref8
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref9
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref10
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref10
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref11
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref11
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref12
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref13
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref13
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref14
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref15
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref16
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref17
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref18
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref18
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref19
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref19
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref20
http://refhub.elsevier.com/S0022-0248(15)00088-3/sbref20

Journal of Crystal Growth 425 (2015) 9-12

Contents lists available at ScienceDirect

Journal of Crystal Growth

journal homepage: www.elsevier.com/locate/jcrysgro

Pulsed growth techniques in plasma-assisted molecular beam epitaxy

CrossMark

of Al,Ga; _,N layers with medium Al content (x=0.4-0.6)

D.V. Nechaev *, P.N. Brunkov, S.I. Troshkov, V.N. Jmerik, S.V. Ivanov

Ioffe Institute, Polytekhnicheskaya 26, St Petersburg 194021, Russia

ARTICLE INFO ABSTRACT

Available online 7 May 2015

Keywords:

A3. Molecular beam epitaxy

B1. Nitrides

B2. Semiconducting Il[-V materials

Paper presents the comparative analysis of Metal Modulated Epitaxy (MME) and Droplet Elimination by
Thermal Annealing (DETA) techniques in the low-temperature plasma-assisted MBE of thick Al,Ga; _ N
layers with the medium Al content (x=0.4-0.6) grown under the highly metal-rich conditions.
Atomically smooth surface with RMS of about 0.4 nm across the area of 2 x 2 pum? has been achieved
for AlGaN layers grown at F""/FN flux ratio of 2.5 and substrate temperature of 700 °C by using DETA. The

MME growth of AlGaN epilayers leads to their cracking due to the tensile stress introduced by relaxed
GaN interlayers which are formed during the nitrogen exposure of the Ga-enriched AlGaN surface. A
new technique based on IR-pyrometry measurements has been developed to monitor in situ metal
accumulation and depletion on the growth surface.

© 2015 Published by Elsevier B.V.

1. Introduction

Al,Ga; _,N layers with high Al content (x > 0.4) is an attractive
material for development of ultraviolet (UV) light emitting and
laser diodes [1-3], photodiodes and photocathodes [4,5] highly
demanded for numerous applications. Low temperature
( <800 °C), high vacuum (~10~> Torr), and hydrogen-free envir-
onment of plasma-assisted molecular-beam epitaxy (PA MBE)
gives rich possibilities in realization of quantum heterostructures,
their strain engineering, and p-type doping. However, insuffi-
ciently high growth temperatures limit the achievement of two-
dimensional growth of AlGaN layers with atomically smooth
morphology (rms < 1 nm) by using thermal enhancement of the
surface mobility of adatoms as it is usually done in high-
temperature gas-phase epitaxial techniques. On the other hand,
PA MBE enables one to raise the surface adatoms mobility through
usage of metal-rich stoichiometric conditions, which provides
sufficient mobility for 2D growth even at the low growth tem-
peratures [6]. However, an essential shortcoming of this approach
is the possible metal accumulation into microdroplets at small
violations of growth conditions which must be maintained within
a relatively narrow “growth window”. Two kinds of pulsed growth
techniques have been proposed to solve this problem, which
are schematically illustrated in Fig. 1(a and b). The first one, the

* Corresponding author. Tel.: +7 812 2927124; fax: 4+7 812 297 36 20.
E-mail address: nechayev@mail.ioffe.ru (D.V. Nechaev).
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so-called metal modulated epitaxy (MME) is based on consump-
tion of excessive metal during short-term interruption of all metal
fluxes at the constant values of activated nitrogen flux and
substrate temperature. Initially this technique was developed by
Ferro et al. [7] for growth of binary AIN layers and then it has been
applied to growing the InGaN ternary alloys [8-10]. The second
one, so-called Droplet Elimination by Thermal Annealing (DETA)
initially developed by Terashima et al. [11] for the growth of GaN/
AlGaN superlattices proceeds through thermal evaporation of the
excessive metal (Ga) at the elevated substrate temperature during
full growth interruption by shuttering all the fluxes. In both
techniques, one can distinguish the Droplets Accumulation (DA)
phase of ternary alloy growth under the metal rich conditions and
the Droplet Elimination (DE) phase.

Both Laser Reflectometry (LR) and Reflection High-Energy
Electron Diffraction (RHEED) are the techniques most frequently
used to control growth rate, strain and surface morphology during
MBE growth of different heterostructures [12]. In principle, RHEED
allows one to evaluate Ga-coverage on the surface of the growing
films [6,13], but these measurements are technically difficult for
growth control of the films on rotating substrates.

In this paper we compare pulsed MME and DETA growth
techniques for the PA MBE growth of Al,Ga;_,N (x> 0.4) bulk
epilayers with the aim to achieve atomically smooth and droplets-
free surface morphology, as well as uniform alloy composition
along the growth direction. In addition, an original simple method
using a common IR-pyrometer is developed for detection of the
metal droplet occurrence on the growth surface.
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Fig. 1. Schematic illustrations of the flux modulation techniques applied to IlI-Nitrides growth in MBE: MME (a) and DETA (b). Schematic flux diagrams of DA phase (c) and

DE phases for MME (d) and DETA (e) techniques are also presented.

Table 1
Characteristics of the AlGaN layers grown on AIN/c-Al,05 templates.

Growth technique Al,Ga; _4N growth parameters

Parameters of DA phase

Parameters of DE phase

X Flux ratio Fl/FN Thickness, pm  Temperature Tp, (°C) Duration tp, (min) Temperature Tpg (°C) Duration tpg (min)
Standard continuous 0.5 2.5 0.7 700 84 - -
MME 0.4 2 0.9 700 10 700
DETA 0.6 2.5 0.5 700 2.5 730 1

2. Experimental

All AlGaN films were grown by using PA MBE setup Riber21T on
c-Al;05 substrates on top of a 500-nm-thick AIN/GaN buffer
structures designed and grown as described earlier [14]. AlGaN
layers were grown by both standard and pulsed techniques
including MME and DETA ones. Table 1 summarizes the main
growth parameters of the studied samples. The Al,Ga;_4N layers
having thickness ranged from 500 to 900 nm were grown at the
metal-rich (Ga-rich) conditions and the constant active nitrogen
flux. The Al-content in the layers x, changing between 0.4 and 0.6,
was controlled by variation of the Al flux between different
growth runs. Main shutter closing was used to interrupt all the
fluxes simultaneously and to rise the substrate temperature during
DE phase of DETA technique owing to the heat reflectance effect,
while the power supplied to a substrate heater was maintained
constant.

Surface morphology was characterized by scanning electron
(SEM), optical (OM), and atomic force microscopies (AFM). The
former was also employed for observation of compositional con-
trast at the cross-section of the epilayers by using a back scattering
electron mode. Substrate temperature was controlled in situ by IR
pyrometer MIKRON M680 operating at A=910 nm. RHEED (Staib
Instruments, 30 keV) and LR were used for evaluation of surface
morphology and growth rate, respectively, the latter employed a
green laser (1=532 nm) and a 1.3 MP CCD camera.

3. Results and discussion
It is well known that during growth of AlGaN ternary alloys

Al adatoms are preferably incorporated to the film, which is
related to the stronger bonding energy of Al-N as compared to

that of Ga-N [15]. Therefore, standard continuous growth of AlGaN
layers under the highly Ga-rich conditions should cause Ga-
droplets accumulation on the surface, as can be clearly seen in
Fig. 2a. In opposite, Fig. 2(b and c) illustrates droplets-free surfaces
of samples grown by using the droplets elimination techniques. An
excess of Ga of about 50 ML for the DA phase was determined
based on the incident fluxes (F", FN) and metal desorption rate
(Fggs, Al desorption is negligible at these temperatures) as
(F"—FN_F§3) for both MME and DETA samples. The minimum
duration of DE phase providing the full droplets elimination is
directly related to the growth conditions as

e PP 1Y)

e~ m
FY 4+ FE(TS")
for MME, and
DETA_[plll_pN_ rGa DA
tBETA _ tDA [F F Fdes(TS )] (2)

F33,(Tg%)

for DETA. Ga desorption rates of ~0.42 and ~1.05ML/s at
substrate temperatures of 700 and 730 °C, respectively, were
experimentally estimated from Egs. (1) and (2), using the mini-
mum necessary t3E™ values determined from the IR-pyrometry
experiments as described below.

It has been found that IR-pyrometer signal is very sensitive to
monitor in situ the excess metal (Ga) on the surface of growing
films. Fig. 3 demonstrates the behaviors of LR and IR-pyrometer
signals during growth of AlGaN layer by the MME technique at the
metal-rich conditions with the flux ratio F'/FN=2.5 and initial
substrate temperature of 702 °C. Indeed, immediately after the
initiation of growth pyrometer reading drops by 5 °C. Then, during
the whole DA phase the pyrometer signal remains constant. Start
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Fig. 2. SEM images of AlGaN samples grown by the standard (continuous) (a), MME (b) and DETA (c) techniques.

Fig. 3. The LR and IR-pyrometer signal variations during AlGaN layer growth by
MME technique.

Fig. 4. Cross-section SEM image of Alp4GapeN layer grown by MME. Three Ga-
enriched AlGaN interlayers (most probably GaN) can be clearly distinguished.

of the DE phase, when GaN film continues to grow from the excess
Ga at the closed metal cell shutters, does not change significantly
the pyrometer signal. The signal comes back to the initial level
only when the excessive metal has been consumed by nitrogen
and the surface becomes metal-free again. Analogous behavior
was observed during AlGaN growth by the DETA technique, except
for the DE growth stage, and was also used for determination of
the minimum necessary time of the DE phase. In both cases the
completeness of the DE phase is characterized by a negligible
difference between the pyrometer data before DA and after DE

Fig. 5. AFM image of AlpsGao4N layer grown by DETA technique with RMS of
0.4 nm over 2 x 2 pm?2.

phases. We believe that the dependence of the pyrometer data on
the excess Ga accumulated at the surface of growing films is
related to scattering and/or absorption of IR radiation by an ultra-
thin Ga film and small droplets on the surface.

Comparative analysis of the morphologies of AlGaN layers grown
by using MME and DETA techniques revealed for the former some
inhomogeneities both on the plain and at the cross-section SEM
images. First, the traces of cracking are observed by both OM (not
shown) and SEM (see Fig. 2b) on the surface of the Al 4GaggN layer
grown by MME. In addition, Fig. 4 demonstrates formation of the
relatively thick interlayers of a lighter contrast on the cross-
sectional SEM images. The thickness of the layers of about 7 nm
correlates well with the nominal thickness of about 50 ML of the
excess Ga accumulated during the DA phase, estimated from
Eq. (1) taking into account its partial evaporation during the DE
stage. Therefore one can conclude that pure GaN interlayers are
formed during the DE phase of an MME cycle. Furthermore, it is
expected that elastic stress in such recrystallized layers relaxes,
which generates the tensile strain in the subsequent thick AlGaN
layers, causing the development of cracks. In contrast, such unde-
sirable phenomena are not observed in the AlgsGag4N layer grown
by the DETA technique. This sample exhibits an atomically smooth,
droplet-free surface morphology without any traces of cracking.

Thus, one can conclude that DETA method is more appropriate for
the growth of AlGaN layers with perfect surface morphology having
RMS of about 0.4 nm over the area of 2 x 2 um? as shown in Fig. 5.

4. Conclusions

In summary, Al,Ga;_,N layers with medium Al-content (x=
0.4-0.6), having atomically smooth and droplet-free surface mor-
phology, can be grown by low-temperature PA MBE using both
MME and DETA techniques. However, the MME layers



12 D.V. Nechaev et al. / Journal of Crystal Growth 425 (2015) 9-12

demonstrate traces of cracking probably related to the formation
of rather thick relaxed GaN interlayers inside the AlGaN layer
during metal droplet consumption under the nitrogen flux (DE
phase). Contrary to that, the DETA technique provides the best
surface morphology with RMS of 0.4 nm over 2 x 2 um? without
cracks. In addition, the IR-pyrometry has been demonstrated to be
an efficient tool for detection of the excessive metal on the surface
of growing AlGaN layers.
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In situ three-dimensional X-ray reciprocal space mapping (in situ 3D-RSM) was employed for studying
molecular beam epitaxial (MBE) growth of InGaAs multilayer structures on GaAs(0 0 1). Measuring the
symmetric 004 diffraction allowed us to separately obtain film properties of individual layers and to
track the real-time evolution of both residual strain and lattice tilting. In two-layer growth of InGaAs,
significant plastic relaxation was observed during the upper layer growth, and its critical thickness was
experimentally determined. At the same thickness, it was found that the direction of lattice tilting
drastically changed. We discuss these features based on the Dunstan model and confirm that strain

relaxation in the multilayer structure is induced by two kinds of dislocation motion (dislocation
multiplication and the generation of dislocation half-loops).

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

The development of high quality (low dislocation density) and
fully strain-relaxed III-V layers grown on lattice-mismatched
substrates is required for future optoelectronic devices such as
hetero-junction transistors and multi-junction solar cells [1-3]. To
reduce lattice-mismatch strain, compositionally step-graded buf-
fers (CSBs), which are step-like multilayer structures with different
lattice constants, have often been inserted between active layers
and substrates. While CSBs have been shown to function well as
dislocation filters [4], efficient methods of strain relief still need to
be explored, because reducing the total thickness of the CSBs
lowers the production cost of devices. For this reason, it is
important to understand the fundamental mechanisms of strain
relaxation in multilayer structures.

To do this, the relaxation processes of individual layers need to
be studied separately. For this purpose, in situ three-dimensional
X-ray reciprocal-space mapping (in situ 3D-RSM) is suitable, since
each layer differs in lattice constant and yields diffraction peaks at
different points in reciprocal space [5]. This is in contrast to
reflected high energy electron diffraction and surface reflectance
monitoring, which are sensitive only to the top layer of the

* Corresponding author.
E-mail address: sasaki.takuo@jaea.go.jp (T. Sasaki).

http://dx.doi.org/10.1016/j.jcrysgro.2015.03.044
0022-0248/© 2015 Elsevier B.V. All rights reserved.

multilayer [6,7], and monitoring of the substrate curvature, which
provides average information over the entire multilayer [8]. In this
study, we employed in situ 3D-RSM to study an InGaAs multilayer
structure consisting of two InGaAs layers with different indium
compositions. The in situ measurement of the X-ray intensity
distribution around the symmetric 004 diffraction revealed the
characteristic behavior of the residual strain and the lattice tilting
of each layer.

2. Experimental procedure

The in situ 3D-RSM was carried out at a synchrotron radiation
facility, SPring-8 (Beamline 11XU) using a surface X-ray diffract-
ometer that is directly coupled to a MBE apparatus. A detailed
system configuration can be found elsewhere [9,10]. The GaAs
(001) + 0.1° substrate was mounted on a molybdenum block, and
loaded into the MBE chamber. After removal of the native oxide
layer and the growth of a 100 nm-thick GaAs buffer layer,
Ing11GaggoAs was deposited to a thickness of 300 nm. Subse-
quently, a 300 nm-thick Ing»0GaggoAs layer was grown on the
first layer, as shown in Fig. 1(a). The growth rate, temperature and
vacuum pressure were 0.2 ML/s, 470 °C and 3 x 10~“ Pa, respec-
tively. Synchrotron X-rays from an in-vacuum undulator were
monochromatized to A=0.827 A and focused to 0.3 mm horizon-
tally and 0.1 mm vertically. X-rays diffracted by the symmetric 004
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Fig. 1. (a) Structure of the InGaAs multilayer structure grown on GaAs(001) substrate. (b) Measured 004 reciprocal points in reciprocal space. (c) Typical H-L and K-L
reciprocal space maps at different InGaAs total thicknesses. The thickness of the second layer is given in brackets.

plane were detected by a two-dimensional charge coupled device
(CCD) camera. It took 72 s to obtain a single 3D-RSM, which was
composed of 60 CCD images. This measuring time corresponds to a
thickness of 3 nm for the employed growth rate of InGaAs. As
shown in Fig. 1(b), the residual strain of the InGaAs multilayer
structure can be estimated from peak positions along the
L direction on the assumption of constant indium composition
during the growth. The indium composition in each layer was
confirmed by post-growth X-ray diffraction. The direction and
magnitude of lattice tilting in each layer were evaluated from peak
positions in the H-K plane.

3. Results

Typical H-L and K-L projections of the 3D-RSM at different
layer thicknesses are shown in Fig.1(c). The upper and lower (in
brackets) thicknesses indicate the thicknesses of the total film and
the second layers, respectively. The peak positions for both the
first and second layers move along the L direction with increasing
second-layer thickness. This is due to a decrease in the residual
strain in each layer. The peaks also move along the H and K
directions. This corresponds to lattice tilting during the second
layer growth.

Fig. 2 shows the peak shifts along the L direction for the first
and second layers as a function of the total InGaAs thickness.
During the growth of the first layer, the InGaAs layer is fully
strained on the substrate up to a thickness of about 40 nm, and a
large strain relaxation is observed at around 120 nm. Conse-
quently, relaxation of the first layer reaches 56% at the end of
the first layer growth. These observations agree with our previous
work [11]. At a thickness of 344 nm, a large strain relaxation is
observed again for both the first and second layers. As thickness
increases further, strain relaxation of the first layer stays around
94%, even after additional growth of the second layer.

Fig. 3(a) shows the trajectory of the diffraction peak position of
the first layer during the growth of the InGaAs layers, demonstrat-
ing the correlation between the strain relaxation and the lattice
tilting. Since the lattice tilting is due to the in-plane anisotropic
distribution of misfit dislocation Burgers vectors [12], the correla-
tion is helpful to deduce the dislocation motion in the multilayer
structure. Fig. 3(b) shows the projection of the peak positions on

Fig. 2. Evolution of diffraction peak positions along index L associated with the
residual strain for the 1st and 2nd layers as a function of total InGaAs thickness. The
arrows indicate the thicknesses at which large strain relaxations were observed in
the single (120 nm) and two-layer structures (344 nm).

the H-L plane. The direction of the lattice tilting changes from
<010 > to <110 > concomitantly with the large strain relaxation
at a thickness of 344 nm, where the increase in the magnitude of
lattice tilting is accelerated as well. This indicates a strong
correlation between strain relaxation and lattice tilting.

4. Discussion

The present in situ 3D-RSM results have revealed an interaction
between the first and second InGaAs layers. One of the effects of the
interaction is found in the significantly earlier strain relaxation of the
second layer, which occurred at a thickness of 44 nm, compared to
that of the first layer, which was observed at a thickness of 120 nm.
This accelerated relaxation of the second layer can be explained by
dislocation multiplication [13]. When the second layer is grown on
the partially relaxed first layer, threading dislocations reaching from
the first layer provide sources for misfit dislocations in the second
layer. Thus, strains in the second layer are effectively relaxed through
dislocation multiplication from the high density of sources.

Another indication of the interaction between the first and
second layers is the fact that the residual strains in the first layer
were relieved when the second layer was relaxed at a thickness of
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Fig. 3. Evolution of the diffraction peak positions of the 1st layer in H-K-L 3D reciprocal space (a) and in the projected H-K plane (b) during growth of the 1st and 2nd
InGaAs layers. The peak positions shown in (b) are associated with the direction and the magnitude of lattice tilting. The magnitude of the tilt for the 1st layer with respect to
the substrate was 0.13° along < 110 > direction at a thickness of 600 nm. At this thickness, the tilt for the 2nd layer was 0.34°, and its direction was the same as that of the

1st layer (not shown in the figure).

Table 1

Comparison of model and experimental values of relaxation critical thickness t. and
residual strain &,(d) for the single and two-layer structures. Thickness d is chosen to
be 150 (single-layer) and 350 nm (two-layer) during the large relaxation where
Dunstan's model is applicable [14].

Single-layer structure Two-layer structure

tl £!(150 nm) 2 £2(350 nm)
Model 100 0.0053 82 0.0029
Experiment 122 0.0059 44 0.0023

344 nm. At the same time, the lattice planes of the first layer started
to tilt in a different way than before the growth of the second layer.
Obviously, the altered relaxation found in the first layer is caused by
the dislocation half-loops [14] extended from the interface between
the first and second layers to the substrate. When reaching the
interface between the first layer and the substrate, the dislocation
half-loops newly generate misfit dislocations [15], the anisotropy of
which causes the tilting of the lattice planes. It is not surprising that
the in-plane anisotropic distribution of these post-generated disloca-
tions is different from that of the preexisting dislocations because
they have independent origins.

Dunstan et al. [16,17] proposed a model to deal with the
relaxation of multilayer structures. In this model, the critical thick-
ness of the i-th layer, ti, is given by t. =k/Agl,, where Aélis the
misfit between the i-th and (i-1)-th layer. The average residual strain
is defined asel"(d)=k/ >{_ d'for a multilayer structure consisting of
n layers, with thicknesses d'(i=1, 2,...n). The coefficient k has been
experimentally determined to be about 0.8 nm [17]. The validity of
this model for single layer structures has been demonstrated by
X-ray diffraction and transmission electron microscopy [18,19]. A
comparison of the present in situ X-ray diffraction results with the
model is given in Table 1. The model well explains the critical
thickness ¢! and residual strains &} of the first layer. However, a
significant discrepancy was found for the critical thickness of the
second layer, t2, which is experimentally determined to be 44 nm,
and predicted by the model to be 82 nm. The reduction of the critical
thickness suggests that the dislocation motion in the second layer is
considerably altered by dislocation multiplication.

5. Summary

We have investigated the strain relaxation mechanisms in an
InGaAs multilayer structure grown on a GaAs(001) substrate by
MBE. The in situ measurement of 3D-RSM for the symmetric 004

reflection enabled a direct observation of the relationship between
strain relaxation and lattice tilting. Based on the obtained experi-
mental results, we clarified that there are two processes in terms
of dislocation motion (dislocation multiplication and generation of
dislocation half-loops) which occur during the growth of the
multilayer structure. The validity of our interpretation is consistent
with a comparison to Dunstan's model.
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The use of reflectance anisotropy spectroscopy (RAS) for the real time monitoring of the growth of InAs
based heterostructures by molecular beam epitaxy within the photon energy range 1.5-5.0eV is
reported. The complete desorption of the native oxide for InAs substrates was monitored using a single
wavelength and epitaxial growth of InAs was also monitored under both the As- and In-rich surface
reconstructions. Further the changes in the RAS and reflectance data for ternary and quaternary layers
demonstrated the usefulness of this system as an in-situ tool for monitoring the composition of layers for
this important class of narrow gap semiconductors. In addition, emissivity corrected pryometry

temperature was measured using the RAS system. Growth rates for the individual layers in a
heterostructure were also determined from an analysis of the reflectance data.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

[I-V semiconductors in the lattice constant range between 6.05
and 6.3 A are being actively considered for a number of applications.
These materials when combined in a superlattice structure are
potential alternatives to HgCdTe infrared detectors [1]. Because of
their superior transport properties [2,3] they also represent a class of
materials for future replacement of the channel in silicon based CMOS
technology. Among the substrates in this family are InAs and GaSb
materials with lattice constants of 6.06 A and 6.096 A respectively and
bulk bandgaps, E¢ of 0.35eV and 0.726 eV respectively. While other
[I-V substrates can be made semi-insulating, the same is not true for
InAs and GaSh. As a result, the fabrication of planar electronic devices
on these substrates must be carried out on structures with suitable
buffer layers so that the conducting substrate is completely isolated to
eliminate parallel conduction. To overcome this limitation, a large
bandgap buffer layer that is lattice matched to the substrates is
required. One such buffer layer is the ternary mixed group V material,
AlAsSb with an As composition of approximately 16% and for which
careful control of the group V fluxes are necessary during growth.
Such layers were successfully grown lattice matched on InAs sub-
strates both by MBE [4] and MOCVD |5]. In-situ monitoring of the
growth on these narrow bandgap substrates would be useful to
provide an accurate measure of the substrate temperature and real
time control of the layer composition and possibly doping. In this
paper we will report on the use of reflectance anisotropy spectrometry

* Corresponding author.
E-mail address: rdroopad@txstate.edu (R. Droopad).
! LayTec AG, Seesener Str. 10-13, 10709 Berlin, Germany.
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0022-0248/© 2015 Elsevier B.V. All rights reserved.

(RAS) to provide real time information during the MBE growth of InAs
based heterostructures.

While the reflection high energy electron diffraction (RHEED)
technique has been the normal in-situ monitoring technique used
during MBE growth, various optical techniques such as spectro-
scopic ellipsometry [6] and reflectance difference spectroscopy [7]
have been developed as alternative non-destructive techniques
used for growth monitoring. The optical techniques are conducive
to non-UHV growth techniques where RHEED cannot be used
allowing for the monitoring of the surface during growth [8].
Reflectance anisotropy spectroscopy (RAS) is based on measuring
the optical anisotropies associated with cubic semiconductors due
to surface dimers [9]. The RAS technique measures the anisotropic
optical response of the surface due to reconstructions, bonds and
even doping by taking the difference in the reflectance of light
polarized along two orthogonal axes of the crystal surface,

AR_ R,
R ~ “Re+R,

where Ry and R, are the reflectances for linearly polarized light
along the orthogonal [110] directions. The anisotropy signal is the
result of surface reconstructions having characteristic configura-
tion due to dimerization [10]. The RAS optical setup utilizes a near
normal incidence angle and due to the cubic symmetry in bulk
semiconductors with zincblende crystal structures, the isotropic
bulk has nearly no contribution to the RAS signal. The RAS signal
therefore originates solely from the anisotropy of the recon-
structed surface and is ideal for the investigation of surface
phenomenon in IlI-V semiconductors. The changes in the RAS
signal can also be a function of the doping. Studies have shown
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that for both GaAs and InP, the surface electric fields generated
depend on the doping type [11,12]. In this study we will investi-
gate the wusefulness of this technique for narrow gap
semiconductors.

2. Experimental

This study was carried out using a LayTec EpiRAS system
mounted on the pyrometer port of a DCA IlI-V MBE system
allowing for normal incidence beam paths. The MBE is used for
the growth of high mobility narrow gap heterostructures with As
and Sb valved crackers for the group V sources. Elemental group III
sources include Ga, In and Al with Te and Be used for n- and p-type
doping. To facilitated measurements using the EpiRAS system, a
strain free window was mounted on the pyrometer port. During
layer growth the group V valve crackers temperatures were set to
obtain dimeric species. Because of the high group V overpressure
needed for MBE growth the viewport windows were coated in a
very short time after growth initiation resulting in a dramatic
reduction of the RAS signal. To overcome this problem the strain-
free window was heated during all MBE growth and during data
acquisition.

All experiments were carried out on epiready InAs substrates
that were mounted in indium free holders. To remove the native
oxide, the substrate was ramped to a temperature of 640 °C as
measured by manipulator thermocouple with the As flux during
this process fixed at 8 x 10~ mbar until the diffraction pattern
transitions for a 3 x to 2 x reconstruction along the [110] azimuth.
To ensure complete removal of the surface oxide the sample was
annealed at 10-15 °C higher for 30 min. An InAs epitaxial buffer
layer was grown at 500 °C using an initial growth rate of 0.15 ML/s
for a thickness of 20 nm followed by a growth rate of 0.5 ML/s for
subsequent growths. AlAsSb growth lattice matched to InAs was
carried out using a digital growth scheme as outlined in ref. 4 at a
temperature of 500 °C. The As content for this layer to be lattice
matched to InAs is 16.8% as determined by high resolution XRD
measurements.

The EpiRAS system used consists of a XBO arc bow lamp as light
source. The light, in the wavelength region from 1.5eV to 5eV,
from this source is polarized by a Glan-air type polarizing prism
and is focused on the sample using spherical mirrors. Using the
strain free window on the pyrometer port, the light path is close to
normal incidence on the substrate and allows for the use of a
spherical mirror in the anti-wobble mirror configuration needed

to optically compensate for the wobbling generated by sample
rotation. The reflected light is generally elliptically polarized and
carries information about the sample encoded in the intensity
(reflectivity) and polar angle (reflection anisotropy signal). The
state of polarization is analyzed using photo-elastic modulator and
a Si detector. An additional light path is used to provide a measure
of the sample surface temperature, using the emissivity corrected
pyrometry.

3. Results and discussions

The growth on InAs substrates requires a careful removal of the
native oxide and RHEED signatures are typically used to determine
the onset of oxide desorption. However this change is gradual and
in our laboratory we use a RHEED transition from 3 x to 2 x
reconstruction along the [110] azimuth as the onset for oxide
desorption followed by an anneal for 30 mins at a temperature
that is 10-15 °C higher. We take this temperature as a calibration
point to represent a real temperature of 520 °C. Fig. 1 shows a
typical 2D plot of the time resolved spectroscopic RAS signal
during this InAs oxide desorption process followed by the homo-
epitaxial growth of an InAs buffer and an AlAsSb ternary layer also
lattice matched to InAs. The complete structure represented in the
2D plot is shown on the right of Fig. 1. In addition to extracting RAS
and reflectance information, the system also measures the emis-
sivity corrected substrate temperature in real time. Fig. 2 shows a
plot of the RAS signal at a single wavelength of 3.4 eV (364.6 nm)
during the growth of the structure. The emissivity corrected
temperature extracted is also shown in the plot. As a reference a
system thermocouple reading of 650 °C corresponds to an emis-
sivity corrected temperature 546 °C as measured by the RAS
system. This suggests that the RAS system overestimates the
temperature by approximately 16 °C. Fig. 3 plots the spectra for
various emissivity corrected temperatures as the InAs substrate is
heated from room temperature during the oxide desorption
process. An inspection of the spectra shows that gradual changes
occur as the temperature is ramped from room temperature until a
measured temperature of around 520 °C with significant changes
in the spectra occurring between 520 °C and 530 °C above which
these spectra remained fairly constant in shape. This result show
that while RHEED may be able to suggest an onset of oxide
desorption, the surface structure is dynamic and would require
additional time/higher temperature to achieve a clean oxide free
surface. The plot also suggests that by monitoring a single

Fig. 1. 2D plot of the absolute value of the time resolved RAS spectra during MBE growth of an InAs based heterostructure shown on the right. The vertical line is at a photon

energy of 3.4 eV.
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Fig. 2. Plot of the RAS signal the growth of the heterostructure shown in Fig. 1 for a
single wavelength at a photon energy of 3.4 eV. Also shown is the emissivity
corrected temperature measured by the RAS system during the InAs oxide
desorption process.

Fig. 3. Plot of the RAS spectra during InAs oxide desorption. The temperature
shown in the legend is in °C is taken from the plot of Fig. 2.

wavelength the oxide desorption process can be followed. An
inspection of Figs. 1 and 2 showed that significant changes in the
spectra occur at the 3.4 eV (364.6 nm) wavelength.

Since the RAS signal gives a measure of the surface anisotropy,
this measurement technique will be sensitive to the surface
reconstruction. Reports suggest that InAs can be grown using a
low As/In flux ratio albeit with high defects. However it is the
experience in our laboratory that any InAs surface haze that is due
to non-ideal growth parameters can be completely eliminated
when growth is carried out under slightly In-rich conditions.
Growth under these 2 conditions results in dramatic change in
the RAS signal since the surface anisotropy is switched. Fig. 4
shows the spectral plot of the RAS data during the growth of InAs
under the two surface reconstructions. The data was initially taken
during the growth of InAs under an As stabilized (2 x 4) recon-
struction. To achieve an In stabilized (4 x 2) reconstruction, the As
flux was reduced gradually and the RHEED monitored until the
required reconstruction was achieved. After increasing the As back
to the level required for the (2 x 4) surface, the RAS spectrum is
almost identical to that prior to the growth under the In-rich
regime. The growth under the In-rich (4 x 2) regime had no effect
on the subsequent As-rich growth of InAs with respect to its
surface crystallinity and stoichiometry as confirmed by the RHEED

Fig. 4. RAS signal measured during the growth of InAs initially during the As-rich
(2 x 4) conditions, followed by an In-rich (4 x 2) surface reconstruction and finally
back to an As-stabilized (2 x 4) reconstruction achieved by increasing the incident
As flux.

observations, suggesting that both RHEED and RAS techniques are
not sensitive to surface defects present when growth is carried out
under In-rich conditions as reported in the literature [4,13]
Lattice matching of III-V heterostructures on InAs requires
careful control of the alloy composition of ternary and quaternary
layers. While the composition of the group III fluxes can be
determined from RHEED oscillations, the group V flux ratios are
inherently more difficult due to the non-unity sticking coefficients
of both As and Sb and the fact that the incorporation rates are
dependent on growth temperature. An initial investigation of the
growth of ternary lattice matched layer was also monitored in the
2D plot of Fig. 1. In this structure, 2 ternary layers were grown each
100 nm thick but with the bottom ternary layer doped n-type with
Te to a level of 2 x 107 cm~3, while the rest of the structure was
undoped. From the plot of Fig. 2, there appears to be some
difference in the RAS signal for the 2 layers suggesting that the
RAS signal may be used as an in-situ tool to monitor doping during
growth. Further, the RAS signal at 3.4 eV for the growth of the
quaternary layer is much higher than those for the ternary layers,
indicating the potential for using this technique for composition
monitoring and control. To investigate the use of the reflectance
anisotropy spectroscopy to monitor and control composition, the
structure shown on the left of Fig. 5 was grown which includes
two 300 nm quaternary layers separated by an InAs layer. The
bottom quaternary layer having a low indium composition was
grown using a digital alloy techniques while the top quaternary
layer was growth using conventional MBE by adjusting the group
V fluxes to give the required composition. The plot shows on the
right of Fig. 5 represent the RAS and reflectance data extracted
from the 2D plot for a wavelength of 4.1 eV. The plot shows that
both the RAS signal and the reflectance is a function of the
composition of the layers. The combination of the RAS and
reflectance data can be used to fully characterize the grown layer.
The reflectance data is sensitive to the growth rate which solely
depends on the group III fluxes and intensity oscillations can be
used to monitor the In and Al ratios. The RAS signal on the other
hand is more surface sensitive and can be used to assess the As to
Sb ratio of the quaternary layers [14]. As seen in plot of Fig. 5, the
reflectance signal increases significantly with higher Al concentra-
tion in the quaternary layer while the RAS signal decreases with
increasing As to Sb ratio. A more comprehensive study for
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Fig. 5. Shown on the left, the MBE structure including 2 quaternary layer lattice matched to InAs to investigate the suitability of RAS for composition monitoring, the plot on
the right represents the RAS and reflectance data extracted from the 2D plot for at a photon energy of 4.1 eV for the growth of the heterostructure.

different alloy compositions lattice-matched to InAs can provide a
clear trend line for monitoring the ratios for both the group Il and
group V elements using the reflectance and RAS data in
conjunction.

Oscillations in the reflectance data can be used to calculate the
growth rate and thickness of the layers grown and can also be
used for determination of the alloy composition for multicompo-
nent layers. The oscillation in the reflectance data occurs due to
change in thickness of the epilayer resulting in the interference of
optical beam as they reflected from the interface and surface. The
thickness of the layer represented by the period of the oscillations
is a function of the dielectric constants of the growing layer and
the wavelength used. For optically thick materials, these oscilla-
tions disappear altogether. Fig. 6 shows the reflectance data
extracted at 1.5eV for the structure grown as represented in
Fig. 5. Clear oscillations can be seen for the growth of the various
layers with the exception of the first InAs buffer layer. The
oscillation is absent for homoepitaxial growth as there is no
difference in dielectric constants between the substrate and
epitaxial film. Each layer was fitted for n, k and growth rate, the
results of which are shown in the Table 1 giving values at 1.5 eV at
growth temperature of around 500 °C. The growth rates agree
with those determined by RHEED oscillations and high resolution
x-ray diffraction measurements.

4. Conclusions

The capability of the RAS technique as an in-situ tool to monitor
the MBE growth heterostructures has been demonstrated. In
particular, this represents an important technique for the MBE
development of the narrow gap InAs based heterostructures,
critical for applications in a number of important device technol-
ogies, including infrared detectors and next generation CMOS
transistors. The oxide desorption from the substrates was mon-
itored spectrally from 1.5 eV to 5.0 eV and the data suggest that a
single wavelength is sufficient for determining the complete
removal of the native oxide. In addition, the surface reconstruction
during growth was monitored to determine whether InAs was
being grown under In-rich or As-rich conditions. Both the RAS and
reflectance signals were sensitive to alloy composition and to
some extent doping. Fitting the reflectance data, the growth rates
and optical constants of the individual layers were extracted. The
growth temperature was also measured using the RAS setup with
the temperatures representing the emissivity corrected values that
can be used with certainty during MBE growth of multilayer
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Fig. 6. Reflectance data taken at 1.5 eV for the structure shown in Fig. 5 in which
the oscillations can be used for the fit for the optical parameters at growth
temperature of the various layers and to determine a growth rate for each layer.

Table 1
Optical constants obtained for the various layers in Fig. 4(a) obtained by fitting
oscillations in the reflectance data. Also shown is the calculated growth rate.

Layer Refractive index Extinction Growth rate
(n) coefficient (k) (pm/h)

Alg.95INg05AS0.2Sbos  3.499 0.016 0.54

InAs 3.679 0.433 0.32

Alp2Ing gAsosaSbo1s  3.742 0.29 0.52

structures. The data presented in this paper demonstrate the
usefulness of the RAS technique for growth monitoring and
possibly control. In addition to its application for monitoring layer
growth during MBE, this all optical technique is also ideal for use
in non-UHV deposition tools where it is not possible to use RHEED.
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We report on real-time reflectance-difference (RD) spectroscopic measurements carried out during the
homoepitaxial grow of GaAs under As overpressures in the range from Py, =6 x 10~7 —5 x 10~ Torr.
We found that the time-dependent RD spectrum is described in terms of two basic line shapes. One of
these components is associated to the orthorhombic surface strain due to surface reconstruction while
the second one has been assigned to surface composition. Results reported in this paper render RD
spectroscopy as a powerful tool for the real-time monitoring of surface strains and its interplay with
surface composition during growth.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Reflectance-difference spectroscopy (RDS) is a noninvasive,
contrasting technique that suppresses the bulk isotropic compo-
nent of the optical reflectance spectrum of cubic semiconductors
enhancing its surface-associated component. Both its noninvasive
character and surface specificity make RDS a very attractive tool
for monitoring the epitaxial growth of zincblende semiconductors,
as it was first reported by Aspnes and collaborators [1]. The
interpretation of reflectance-difference (RD) spectra, nevertheless,
poses some challenges as the surface may become anisotropic for a
number of physical mechanisms [2], including surface electric
fields [3], @ and /$ dislocations [4], surface reconstruction strains
[5,6] and surface dimers [7,8]. At the same time, time-resolved RD
spectra measured during epitaxial growth would lead to a great
deal of information on the kinetics of epitaxial growth, provided
we can resolve them into their different components and deter-
mine the time-evolution of such components during growth.

Previously we reported on real-time RDS of homoepitaxial GaAs
(001) grown by molecular beam epitaxy (MBE) [9]. For the growth
we employed a As overpressure (Py) of 1 x 10~ which led to a rich
surface reconstruction evolution as growth progressed as well as to

* Corresponding author.
E-mail addresses: alm@cactus.iico.uaslp.mx,
alastras@gmail.com (A. Lastras-Martinez).

http://dx.doi.org/10.1016/].jcrysgro.2015.02.061
0022-0248/© 2015 Elsevier B.V. All rights reserved.

considerable changes in RD spectrum line shape. We showed that the
time-evolution of RD spectra during growth is well described in
terms of two independent components, each with a specific physical
origin. In this paper we report on the results of a study carried out
within a range of As overpressures and demonstrate that our
previous results can be extended to more general growth conditions.

2. Experimental details and results

Epitaxial growth was carried out on (001) GaAs substrates in a
solid-source MBE chamber (Riber 32P). Epitaxial growth was carried
out under four As overpressures (Pa) ranging from 6 x 1077 to 5 x
10~° Torr at a growth rates from 0.14 to 0.23 ML/s as determined
from RHEED oscillations. Growth substrate temperature was 520 °C
in all cases. Epitaxial growth was initiated/interrupted by opening/
closing the Ga shutter and lasted for about 45s. Time-resolved
spectroscopic RD measurements were performed with a rapid RD,
32-channel spectrometer attached to the epitaxial growth chamber.
More details on the RD spectrometer are given elsewhere [10]. In
order to correlate RD changes with surface reconstruction changes,
RHEED patterns were acquired concurrently with RD spectra.

To prevent components associated to dislocations in the
measured RD spectra, a 0.3 pm thick GaAs buffer layer was grown
prior to carrying out the experiments. Further, to avoid electro-
optical contributions that may hinder the analysis of the RD line
shapes, we did not intentionally dope the GaAs films.
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Fig. 1. Filled and open circles: representative time-resolved RD spectra during MBE GaAs homoepitaxy for two As overpressures. Panels (a) and (b) correspond to 6 x
1077 Torr and 5 x 10~ ° Torr, respectively. Growth temperature and growth rate are as indicated. Spectra have been displaced vertically for the sake of clarity with zeros as
indicated with horizontal lines. Growth started at t=0 and was interrupted at t=44.5s. Time shown next to each spectrum corresponds to time elapsed after starting
growth. Lowermost spectra in both panels were measured just before starting growth, while uppermost spectra were measured long after closing the Ga shutter. Continuous

lines correspond to line shapes synthesized in terms of two the basic line shape components S;(E) and S,(E) as discussed in the text.

In Fig. 1 we show time-resolved RD spectra of GaAs homoepitaxy
for (a) Py =6 x 10~ 7 Torr and (b) Pss =5 x 10~° Torr. Lowermost
spectra in both cases correspond to GaAs surfaces under As flux, just
before starting growth. For Py =6 x 10~7 the evolution of the RD
spectrum is rather involved. This is in correspondence with the
evolution of the GaAs surface reconstruction which changes from
c(4 x 4) before starting growth, to (2 x 4) after the deposition of
about 0.5 ML GaAs, and to a Ga-rich (4 x 2) phase after steady state
growth is reached. In comparison, the RD spectrum evolution for
Pas =5 x 10~° Torr is simpler according to the less varied surface
reconstruction changes. We note, nevertheless, that irrespective of
P45 values, there is a change in RD spectrum line shape as growth
progresses.

3. RD line shape analysis

The rather complex evolution of RD spectra during epitaxial
growth is indicative that they comprise at least two components,
each one with its own time-evolution. We may further expect
these two components to result from different physical processes.
As reported previously [9], a Singular Value Decomposition (SVD)
[11] analysis of the experimental, time-dependent RD spectra
measured during MBE GaAs homoepitaxial growth shows that
for Pys=1 x 1078 the RD spectrum is written in terms of two
independent components, allowing thus write

% = lOS1(E)+ (0S5 (E), @

where AR/R is the experimental RD spectrum, S;(E) and S,(E) are
independent line shape components, each one associated to a
specific physical mechanism, and cq(t) and c,(t) are coefficients
that account for the time-evolution during growth of components
S1(E) and S,(E), respectively.

2
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Fig. 2. S{(E) and S,(E) line shapes employed to model the time-dependent RD
experimental spectra. These line shapes were obtained from a SVD analysis of time-
dependent RD spectra measured during the MBE homoepitaxial growth of GaAs
under a 1 x 10~ Torr As overpressure.

Provided we have access to Sq(E) and S,(E) line shapes, as well as
to their physical interpretation, a great deal of information on epitaxial
growth dynamics may be obtained from the fitting of Eq. (1) to real-
time RD spectra. In this regard, we note that while the SVD analysis
yields by construction orthogonal independent line shapes, in our case
these line shapes may correspond to linear combinations of S;(E) and
S-(E) and may have therefore a mixed physical origin.

Previously we took advantage of the substantial changes in RD
line shape that occur during the homoepitaxial growth of GaAs
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Fig. 3. Time evolution of coefficients c1(t) and c2(t) upon opening and closing the Ga shutter. Arsenic overpressures are as indicated. Surface reconstruction before opening
the Ga shutter to start growth was c(4 x 4). At the top of each panel the corresponding amplitude of the RHEED specular reflection is shown. Upon opening the Ga shutter a

transient in surface reconstruction is observed.

under low As overpressure conditions to identify two independent
S1(E) and S,(E) components with specific physical origins [9]. S;(E)
was found to be associated to the surface strain induced by surface
reconstruction and has a resonant-like line shape with prominent
optical features around E; and E;+A; transitions. Sy(E) has an
energy-extended line shape and was suggested to be associated to
surface stoichiometry. S;(E) and S(E) line shapes are shown in
Fig. 2. They were obtained from a SVD analysis of time-dependent
RD spectra measured during the MBE homoepitaxial growth of
GaAs as discussed elsewhere [9].

Continuous lines in Fig. 3 correspond to spectra synthesized on
the basis of Eq. (1) employing the S;(E) and S,(E) line shapes shown
in Fig. 2. As it can be seen, for both higher and lower pressure growth
Eq. (1) accounts for all the essential features of the time-resolved RD
spectra. Namely, (1) the resonant structure around E; and E; +4; and
(2) the extended broad-energy line shape. The largest discrepancy
between the experimental spectra and the modeled spectra, which is,
nevertheless, rather small, occurs for a few spectra measured just after
closing the Ga shutter, the worst case being illustrated by the spectrum

corresponding to t=48.5 s in Fig. 1. This result shows that the basic
S1(E) and S, (E) line shapes obtained for Py =1 x 10~ ° Torr work as
well for both lower and higher As fluxes.

4. Discussion and conclusions

Fitting Eq. (1) to time-resolved RD spectra yields both cq(t) and
c,(t) coefficients. In Fig. 3 we plot these coefficients as a function of
time for the four studied As overpressures as indicated. Transients are
observed for both c;(t) and c,(t) upon opening/closing the Ga shutter
to initiate/interrupt epitaxial growth. At the top of each panel of Fig. 3
we further show the amplitude of the specular RHEED spot. Fig. 3
shows that for Py, < 1 x 10~ Torr the time evolution of coefficients
c1(t) and cy(t) is more involved than for Py >2 x 10~ °. This is
in agreement with the three-step c(4 x 4)— (2 x 4)— (4 x 2) trans-
formation in surface reconstruction observed during growth for
Paus<1x10"®Torr. For Pas>2 x 107 %Torr, in contrast, the
Ga-rich (4 x 2) reconstruction is never reached and the GaAs surface
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remains As-rich all along growth. We further note that for Pss <1 x
10~ % Torr (two upper panels in Fig. 3) the time-evolution of
coefficient cy(t) is qualitatively different from that of c,(t). This result
indicates that S;(E) and S,(E) are no correlated, in spite of the fact that
both components respond to changes in the surface composition
occurring upon opening or closing the Ga shutter. In what follows we
discuss the results shown in Fig. 3.

We will first consider coefficient c;(t). As reported previously,
coefficient cq(t) corresponds to the RD component associated to the
surface strain due to surface reconstruction [9]. In this regard, it is
known that due to the preferential orientation of surface dimers, surface
reconstruction induces an orthorhombic strain in the near-surface
region of GaAs thus leading to a surface anisotropy [5]. Accordingly,
as shown in Fig. 3a and b, for P, <1 x 10~ Torr coefficient ¢;(t)
swings from negative to positive values as surface reconstruction
changes from c(4 x 4) to (2 x 4), which is consistent with the 90°
rotation of the GaAs As dimers upon the c(4 x 4)— (2 x 4) surface
transformation [12]. Further, Fig. 3a and b shows that the value of
coefficient c¢;(t) decreases upon the (2 x 4)— (4 x 2) transformation.
No zero crossing was observed, nevertheless, as it could had been
expected for a surface changing from As-rich to Ga-rich. Upon closing
the Ga shutter c;(t) rises sharply as the surface becomes As-rich and
then decreases slowly towards stabilization.

For P»s > 2 x 1079, as pointed out above, the high Arsenic flux
prevents the surface from becoming Ga-rich (as a matter of fact, it
even prevents its full transformation to the (2 x 4) phase). As a
result, as Fig. 3c and d shows, coefficient c;(t) does not change sign
during growth. How close to zero c;(t) becomes depends on how
low Py is. After the end of growth ¢ (t) rises slowly and reaches a
steady state value at a time t > 100 s.

Regarding coefficient c,(t), we point out that while the physical
origin of spectrum S, (E) is not fully understood at present, it may be
associated to surface stoichiometry as suggested previously [9]. In
agreement with this hypothesis, Fig. 3a and b shows that for
Pas<1x 10°° coefficient cy(t) decreases rapidly after starting
growth, reaching a minimum when the sharpest (2 x 4) RHEED
pattern is observed. Afterwards, c,(t) increases gradually and attains
a constant value as steady state growth is reached. Upon closing the
Ga shutter, cy(t) first decreases sharply and then gradually recovers.
Thus, coefficient c,(t) follows closely the various changes in surface
composition taking place during growth.

For Pss > 2 x 1078, as Fig. 3c and d shows, the time evolution of
coefficient c,(t) is simpler as changes in surface stoichiometry are
not that varied. Upon starting growth, c,(t) sharply decreases and
then remain approximately constant. After closing the Ga shutter
co(t) slowly rises to recover its starting value.

We note that not taking into account RHEED oscillations, the time-
dependence of the intensity of the specular RHEED spot mimics that
of coefficient c,(t), albeit multiplied by minus one. This is true for low
as well as for high As overpressures. This adds further support the
association of the S,(E) component with the surface composition.

In conclusion, we carried out real-time RD spectroscopic
measurements during the homoepitaxial grow of GaAs under As
overpressures in the range from Py =6 x 1077 —5 x 10~ ° Torr.
We found that the time-dependent RD spectrum is described in
terms of two basic line shapes, which are the same independently
of P4s. One of these components is associated to the orthorhombic
surface strain due to surface reconstruction while the second one
has been assigned to surface composition. Results reported in this
paper render RD spectroscopy as a powerful tool for monitoring
the epitaxial growth of zincblende semiconductors as well as for
the study of the kinetics of epitaxial growth processes. In parti-
cular, it allows for the real-time monitoring of surface strains and
its interplay with surface composition during growth.
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Authors discuss how anion incorporation was controlled during the epitaxial growth process to develop
InAs/GalnSb superlattice (SL) materials for very long wavelength infrared applications. A SL structure of
47.0 A InAs/21.5 A Gag7sIng.»5Sb was selected to create a very narrow band gap. Although a molecular
beam epitaxy growth developed can produce a strain balanced ternary SL structure with a precisely
controlled band gap around 50 meV, the material quality of grown SL layers is particularly sensitive to
growth defects formed during an anion incorporation process. Since Group III antisites are the dominant
structural defects responsible for the low radiative efficiencies, the authors focus on stabilizing IlI/V
incorporation during SL layer growth by manipulating the growth surface condition for a specific anion
cracking condition. The optimized ternary SL materials produced an overall strong photoresponse signal
with a relatively sharp band edges and a high mobility of ~10,000 cm?/V s that is important for
developing infrared materials.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

The InAs/GalnSb superlattice (noted as “ternary SL”) system
provides several distinctive theoretical advantages suitable for
very long wavelength infrared (VLWIR) detection [1]. With
increasing indium composition, a very narrow band gap can be
achieved with a smaller period for the ternary SL system, leading
to a larger absorption coefficient due to enhanced electron and
hole wavefunction overlap [2]. More importantly, the strain can
create a large splitting between the heavy-hole and light-hole
bands in the ternary SLs, which reduces the hole-hole Auger
recombination process and increases the minority carrier lifetime,
thus improving the device detectivity. Based on minimizing the
Auger recombination, Grein et. al. [3] proposed a strain balanced
VLWIR ternary SL of 47.0 A InAs/21.5 A Gag 75Ing25Sb, which is the
design used in our studies. Haugan et al. [4,5] have shown
improvements in the quality of the ternary materials produced
using molecular beam epitaxy (MBE) growth process for this
design. Their optimized SL materials produced a strong photo-
response signal, a high mobility, and a long 300 K carrier lifetime.
Although longer carrier lifetimes have been reported in mid-wave
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InAs/InAsSb (noted as “Ga-free) SLs [6], unfortunately to strain
balance these Ga-free SLs in a VLWIR design requires a much
wider period, ~147 A [7] versus the 68.5 A used in this study,
significantly impacting the absorption coefficient. Therefore, the
ternary SL materials are still important for VLWIR detection.

In this work, using a combination of high-resolution X-ray
diffraction (HRXRD), atomic force microscopy (AFM), temperature-
dependent Hall (TdH) effect, and photoconductivity measure-
ments, we continuously refined the MBE process and tuned
growth conditions to produce high-quality ternary SL materials
to be used for VLIWIR detection. Since most MBE-grown IlI-V
heterostructures are affected by a large number of growth defects
generated during the III-V surface reconstruction process, we
optimized the III/V stoichiometry by manipulating the growth
surface condition such as anion fluxes, Sb cracking condition, and
growth temperature. We used a SL structure of 47.0 A InAs/21.5 A
Gap.75Ing25Sb to create the band gap around 50 meV.

2. Ternary superlattice growths

The InAs/GalnSb SL materials in this study were grown in a
Varian MBE reactor equipped with dual-filament effusion cells for
the Group III elements, and valved cracker cells for the Group V
elements. The repeated SL stacks (0.5 pm-thick) and the undoped
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GaSb buffer layer (0.5 pm-thick) were deposited on GaSb (100)
wafers, and several series of 47.0 A InAs/21.5 A Gag75Ing25Sb SL
samples were grown over a wide range of anion flux conditions to
preset the growth rates of Group Il elements and the V/III flux
ratio. To grow the intended ternary structure under minimum
cross contamination environment of the anion fluxes, the V/III
beam equivalent pressure (BEP) ratio was set at ~3 for both
GalnSb and InAs layer depositions and the growth rates of 1.6 and
0.3 A/s were used for GalnSb and InAs layers, respectively. The Sb
cracking zone temperature was varied between 850 and 1000 °C in
order to investigate the III-Sb incorporation during a growth, while
the As cracking zone temperature was set at 900 °C. Fig. 1 shows a
typical strain-balanced ternary structure with an excellent crystal-
line quality that can be achieved by using the shutter sequence
described in the inset of Fig. 1. With measured period of 68.0 A,
the grown structure produced a band gap of 53 meV, or a

Fig. 1. X-ray diffraction patterns of a 68.0 A period superlattice (SL) sample
containing a 0.5 pm thick 47.0 A InAs/21.5 A Gag75Ing2sSb SLs. Inset is the shutter
sequence employed to create a strain-balanced ternary structure.

Fig. 2. Photoresponse spectrum at 10 K for the 47.0 A InAs/21.5 A Gag.75Ing25Sb
superlattices.

corresponding onset wavelength of 23 pm, as demonstrated in
the photoresponse (PR) spectrum in Fig. 2.

3. Results and discussions

In order to stabilize the III-Sb incorporation, a comparative
deposition temperature (T,) study was performed using various Sb
cracking conditions to generate beams of tetramers, dimers, and
monomers. Although some studies showed that a nearly 100%
yield of Sb monomers can be achieved at a cracker temperature
above ~1100°C [8,9], no systematic study has been done to
determine Sb mole fraction as a function of cracker temperature
for our EPI Model 200 cc Mark V Corrosive Series Valved Cracker.
Since the most obvious effect one would expect from a III/V ratio
not equal to one is morphological disorder induced by the
nucleation of surface defects, we used 50 pm x 50 pm area scans
by AFM to monitor surface roughness as a function of the T,. For a
series of samples grown under a low Sb cracking condition (Sb
cracker temperature of 850 °C), the SL roughens very quickly as
the Ty is increased above 420 °C. Fig. 3 top shows the apparent
surface damage observed by AFM for the sample grown at the
highest T, of 440 °C. The root-mean-square (RMS) value quickly
changes from 2 to 61 A as the Ty increases from 420 to 430 °C and
further increases up to 80 A at higher temperatures highlighting
the noticeable surface damage that occurred at 430 °C and above.
While the exact surface pitting mechanism is undetermined, it is
common to see pitted surfaces in the SL layers grown under a
metal-rich condition due to the higher desorption rate of anion
fluxes at the growth surfaces [10].

To relate the observed surface pitting phenomena to the
spectral response, low temperature photoconductivity measure-
ments were performed and Fig. 4d plots their results. The PR
spectra were collected with fourier transform infrared spectro-
meter over a wavelength range from 2 to 50 pm at a temperature
of 10 K. Due to the relatively low resistivity of the samples, the
photoconductivity was measured in the current-biased mode,
with a current of 0.5 mA between two parallel strip contacts on
the surface. The PR intensities in Fig. 4d were measured at
100 meV above the onset. Although these intensities are given in
arbitrary units (a.u.), the relative signal strengths can still be
compared as the test conditions for all the samples were kept
constant. The typical band gap energies of SLs grown at the same
low T, were around 48 +5meV. However for Tg> 420 °C,
the band gap did increase, as listed in Table 1. The PR intensity
gradually decreases from 1.07 to 0.8 a. u. as T increases from 410
to 420 °C, when SL layers were grown under low Sb cracking
condition generating low fraction of Sb monomers. The result of
much lower PR intensity for the samples deposited at high
temperatures does follow the severe surface damage trend
observed in AFM scans.

Although there is a variety of ways of controlling surface
roughness, such as by increasing V/III flux ratio, we increased Sb
cracker temperature to generate more Sb monomers to enhance
[I-Sb incorporation. For a series of samples grown under high Sb
cracking condition (Sb cracker temperature of 950 °C), the SL
layers were deposited without any noticeable surface defects at
temperature as high as 470 °C. Fig. 4a plots the RMS values as a
function of Ty from SL samples grown with the Sb cracker at
950 °C. In contrast to the AFM results observed in Fig. 3 top, there
were no significant changes in the RMS roughness for the SL
samples deposited at T, between 410 and 450 °C, and the RMS
values remained in a range of ~3 A. Although there were no
noticeable surface damages occurring at elevated temperatures
(see Fig. 3 bottom), the PR signal strength was still affected by Tg.
Fig. 4d indicates that the PR intensity gradually increases as Tg
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Fig. 3. AFM images of 50 pm x 50 um area scans of 0.5 ym thick 47.0 A InAs/21.5 A Ga 75In 25Sb superlattices grown at substrate temperature (Ts) of 410-450 °C (from left to
right) performed under (top) antimony cracking temperature of 850 °C and (bottom) 950 °C, respectively. The value listed on the top (the bottom) of each image represents a

Ts (an average root-mean-square roughness).
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Fig. 4. (a) The root-mean-square (RMS) of 50 pm x 50 pm scans in AFM, (b) the
10 K carrier density, (c) mobility, and (d) photoresponse (PR) intensity as a function
of substrate temperature for the sample series grown under antimony cracker
temperature of 850 (open red circle) and 950 °C (closed blue star). For interpreta-
tion of the references to color in this figure legend, the reader is referred to the web
version of this article.

increases from 410 to 440 °C, reaching a maximum at 440 °C, and
then drops rapidly to less than 0.1 a.u. at 450 °C. This is in contrast
to the first series, where the PR was very low at 440 °C. Evidently
deposition temperature and Sb cracking condition are intimately

Table 1

Summary of the measurements results for the sample set. The photoresponse (PR)
results are from measurements at 10 K. The cut-off wavelength /. is selected at the
point, where the PR intensity drops by 50 %. The PR intensity was measured at
100 meV above the band gap. Antimony cracker temperature and growth tem-
perature were noted by Ts, and T, respectively.

Sample Tsp (°C) T(°C) P(A) Eg (meV) Ac (um)
SL1 850 410 68.0 53 164
SL2 850 420 68.0 53 16.7
SL3 850 430 68.2 62 14.7
SL4 850 440 67.0 80 13.8
SL5 950 410 67.5 44 20.1
SL6 950 430 68.0 46 19.0
SL7 950 440 67.5 53 17.0
SL8 950 450 68.6 50 16.2

correlated to the IlI-Sb stoichiometry during a growth and depend
directly to the quality of grown layers.

In addition to the spectral PR measurements, TdH measure-
ments were also performed to track changes in the electrical
properties under the various growth conditions. For the first
series, the average sheet concentration was 8.4 x 10 cm~2 at
10K and varied by only about 1 x 10" cm~2. All of the VLWIR
samples were n-type. The average carrier mobility at 10 K was
7800 cm?/V s for the first three samples but dropped to 5190 cm?/
V's at the 440 °C of T,. While this agrees with the lowest PR result,
we do not see a matching trend of degrading Hall results with
increasing Ty similar to the AFM or PR intensity trends. The TdH
measurements appear to be less sensitive to growth defects. The
photoresponse on the other hand is very sensitive to growth
defects and recombination centers. Still the Hall results do indicate
when growth improvements have been made, which either
decrease intrinsic carrier concentration or increase mobility, or
both. For instance, for the second series of samples with the 950 °C
cracker temperature, the average carrier concentration was
6.0 x 10" cm~2 at 10 K, which is lower than in the first set. For
the second set, the average mobility was 10,600 cm?/V s at 10 K for
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the three samples with Ty <440 °C and the 10 K mobility dropped
to 8500 cm?/V s. In this case the Hall measurements are similar to
the AFM trend of very little change in the RMS roughness but
again do not track the changes in the PR.

4. Conclusions

In summary, there is a complex interplay between growth
temperature, and flux condition during the MBE growth of type-II
ternary superlattices. This makes determining the optimum
growth conditions non-trivial. This report focused on the optimi-
zation of anion incorporation conditions, by manipulating anion
fluxes, anion species, and growth temperature (Tg). As shown,
changes in the Sb cracker temperature (Tsp) selectively impact the
Tg, where the photoresponse was optimized. At Ty, =850 °C, the
photoresponse was the strongest at 410 °C, while at Tg,=950 °C
the photoresponse was optimum at 440 °C. The inherent residual
carrier concentration was slightly decreased in samples grown
with the higher Sb cracker temperature and the electron mobility
was higher. However, changes in the Hall and photoresponse
measurements as a function of deposition conditions are very
different. One of the key differences between these two experi-
ments would be the impact of carrier recombination and lifetime
on the results. The AFM results were a better indicator of the PR
results. The average surface roughness of SL samples that produce
a strong photoresponse was around 3 A.
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In order to improve the stability and repeatability of the growth of InAs-InAsSb (Ga-free) superlattices
(SLs), we have investigated the use of an InAs-InSb digital alloy in place of the InAsSb ternary material.
We report on a PIN structure made from Ga-free SL material grown using the digital alloy method, and
compare the results to a reference PIN device composed of the InAs-InAsSb SL. The results for both
devices show Acyrofrox=5 Hm at T=80K, which is in agreement with the 14 ML InAs-12 ML
InAsgg1Sbo1o SL design used. At T =80 K and a bias voltage of V;,, = —0.01 V (V;, = —0.25 V), the average
dark currents (from 5 measured devices for each sample) for the ternary and digital alloy based devices
are 0.1315 (4.249) A/cm? and 0.1068 (3.522) A/cm?, respectively. The quantum efficiencies under the
same conditions are 24.1% (24.0%) for the ternary and 39.7% (39.9%) for the digital alloy. This
improvement in quantum efficiency is attributed to superior crystalline quality in the digital alloy
sample. These initial results show that the digital alloy sample is comparable to or better than the

reference sample in each tested metric, and thus is worthy of further investigation.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Strained-layer superlattices (SLs) have become an increasingly
active topic of research since their conception in the 1970s. The
InAs-GaSb SL material system has demonstrated a long Auger
lifetime, which makes it a promising candidate for improving on
current HgCdTe (MCT) devices [1,2]. However, devices made from
this material system have not shown the expected improvement due
to a comparatively high level of Generation—-Recombination (G-R)
dark current. This G-R current arises from a low Shockley-Read-
Hall (SRH) carrier lifetime [3-5], which is currently attributed to
native defects in the GaSb layer [6]. The InAs-InAsSb (Ga-free) SL
was developed to avoid the low lifetimes associated with the GaSb
layer, and has shown significant improvement in SRH carrier life-
times [7-10]. This is expected to result in improved performance in
infrared detectors made from this material.

One downside to the Ga-free SL material arises from the ternary
material (InAsSb) present in the system. Since IlI-V materials are
generally grown under group V rich conditions, balancing the
incorporation of two group V materials requires great care. This
can become a problem if the system is not perfectly stable, since any
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E-mail addresses: tedschuler@gmail.com (T. Schuler-Sandy),
skrishna@chtm.unm.edu (S. Krishna).
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drift in either source beam equivalent pressure (BEP) values or in
growth temperature can radically change the InAsSb material
composition. This, in turn, causes unwanted changes to the Ga-free
SL material properties.

Digital alloy materials were developed as a tool to alleviate the
strong compositional dependence of mixed group V materials (such
as InAsSb) on growth temperature and source BEP. The reduction in
dependence on both of these parameters has been demonstrated in
the literature [11]. For the Ga-free SL, this would mean a marked
improvement in growth stability and repeatability, which is highly
desirable for both research and production purposes. Improved
crystalline quality in the Ga-Free SL obtained through the use of
digital alloys has been demonstrated previously [12-15]. This paper
provides some preliminary findings on the use of a digital alloy in
place of the InAsSb ternary in a Ga-free SL infrared detector device,
and compares the electrical characteristics of this device to a
reference ternary-containing Ga-free SL device. This digital alloy,
composed of 1.7 ML InAs-0.3 ML InSb, was grown by keeping the In
shutter open and alternating the As and Sb shutters to provide the
desired layer thicknesses.

2. Ga-free SL material growth considerations

In order to demonstrate the difficulties with As/Sb ternary
materials, a series of Ga-free SL test samples with a 14 ML InAs-
12 ML InAsgg;:Sbg19 design were grown using varying Sb BEPs and
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growth temperatures. This design was used in previous studies
[16,17], and thus provided a good candidate for this study. Once
grown, high-resolution X-ray diffraction (XRD) was performed with a
Phillips X-ray diffractometer using the Cu-K, line. The peak
separation between the substrate peak and the superlattice Oth
order peak is measured in arcseconds in order to provide an
indication of the degree of lattice mismatch present in the samples.
This difference can also be expressed as Aa/a by calculating each
lattice constant using the measured XRD peaks. This is done using
Bragg's law:

ni

where @ values are in degrees and d is the material lattice constant
(a) divided by 2 (calculated for the superlattice by using the Oth order
peak). The lattice mismatch can then be calculated using

Aa/a _ dOl’h - dsubstrate (2)

dsubstrate

This equation can then be re-written [18] as

_ sin (Gsupstrate)
A= i Otse +A0) @

where Ggpsace is the angle in degrees of the substrate peak measured
by XRD and A@ is the angular difference between the substrate peak
and the epitaxial peak (the Oth order SL peak in this case) in degrees.
This does not take relaxation into account, and thus does not directly
calculate the level of strain in the system. However, it is a good
metric for determining whether the epilayer has achieved a good
lattice match with the substrate. Epitaxial layers are generally
considered lattice matched when the peak separation is below 100
arcseconds, or | Aa/a| <0.0825% for GaSb substrates. The results for
the Ga-free SL tests are shown in Fig. 1.

The degree of angular peak separation in the samples that
appears even with slight variations in temperature or Sb BEP
demonstrates the difficulty with growing the Ga-free SL with a
high degree of repeatability. The dependence on these variations
can also cause issues during long growth periods, since the source
BEPs may drift slightly, thereby inducing undesired strain in the
growth. In order to alleviate these issues, a digital alloy growth
was employed as a replacement for the InAsSb ternary material.
This replacement hinges on the digital alloy behaving similar to
the ternary material, which means the electrical performance of
the device grown using a digital alloy must be comparable to that
of devices that use the ternary material traditionally present in Ga-
free SL growth. This paper provides data on an initial attempt at
growing a PIN device using the digital alloy method.

Fig. 1. Angular peak separation induced in Ga-free SL samples by varying growth
temperatures and Sb BEPs, as measured by XRD. The As:In BEP ratio and In growth
rates were kept consistent for these growths. The variation in this peak separation
indicates an undesired variation in InAsSb composition.

Fig. 2. Shuttering sequence used to grow the InAs/InSb digital alloy used to replace
the InAsSb ternary material. The As shutter was closed just as the Sb shutter opened
(and vice-versa), while the In shutter remained open throughout the growth.

3. Device growth and fabrication

Two Ga-free SL PIN homojunction devices were grown for this
study, one reference ternary sample and one using a digital alloy in
place of the InAsSb material. The PIN architecture was chosen to
allow for device comparisons between these samples and previous
results obtained for Ga-free SL devices. The sample growth was
accomplished using a VG V80H reactor equipped with valved As and
Sb crackers. In both cases, oxide desorption was performed by
heating a GaSb:Te substrate to 540 °C for 30 min. After the deso-
rption was completed, a 250 nm thick buffer layer of GaSb doped
with Te at 2 x 10"® cm~3 was grown at 500 °C to smooth the
surface prior to device growth. Each sample was composed of a
2 pum thick absorber doped at 3 x 10'® cm~3 p-type, and P and N
contact layers each doped at 2 x 10'® cm—3. Both samples were
grown at 420 °C. For the reference sample, a material composition of
14 ML InAs-12 ML InAsggiSbgio was used. For the digital alloy
sample, the composition was 14 ML InAs-12 ML DA, where the
digital alloy (DA) was composed of 1.7 ML InAs-0.3 ML InSb. The
shuttering sequence used to grow this digital alloy is shown in Fig. 2.

This alloy composition was chosen to mimic the composition of
the InAsSb in the reference sample and to maintain the 12 ML
layer thickness. Though this composition of digital alloy would
normally be expected to result in xs, = 15%, which should result in
an overall tensile strain on the epilayer, the resulting angular peak
separation as measured by XRD demonstrated a good lattice
match, which indicates that the composition of the ternary is
correct (xs, = 19%). The difference in composition is attributed to
an undesirable incorporation of Sb into the InAs layers, thereby
forming an intermediary InAsSb compound at the InSb/InAs
boundary. To compensate for this, the thickness of the InSb layer
was reduced from the initial 0.38 ML to 0.3 ML. The angular peak
separation demonstrated by both the digital alloy and ternary
devices was measured using XRD, and showed good lattice match
(< 100 arcsec separation between the substrate peak and the Oth
order SL peak). The full-width at half-maximum (FWHM) for the
Oth order epilayer peak was better for the digital alloy sample than
for the ternary sample (28.8 arcsec vs. 34.2 arcsec). This indicates
that the digital alloy has superior crystalline quality. The XRD
curves can be seen in Fig. 3. These curves demonstrate that the
superlattice structure formed with a digital alloy layer is compar-
able to one formed with a ternary layer.

The grown devices were processed into single-pixel mesas with
varying aperture sizes using a standard photolithography process
and an ICP dry etch. These samples were passivated using SiN,, and
Ti/Pt/Au metallization was used for both top and bottom contacts.
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Fig. 3. XRD rocking curves taken from each grown sample. These curves show good lattice match in both cases. For the digital alloy, the full-width at half-maximum of the
Oth order SL peak (28.8 arcsec) is thinner than that of the ternary (34.2 arcsec). This indicates superior crystalline quality in the digital alloy sample. (a) Ternary reference

sample. (b) Digital alloy sample.

4. Electrical characteristics

In order to determine whether the InAs-InSb digital alloy can
make a suitable replacement for the InAsSb ternary material, the
processed devices were characterized for spectral response, dark
current, and quantum efficiency (QE).

The dark current characteristics from these devices are reported
in Fig. 4. These results demonstrate that both the average
(of 5 measured devices for each sample) and best-device results
from the digital alloy sample are slightly better than those of the
reference sample. The average dark current levels for the ternary
reference sample and the digital alloy sample at a voltage bias of
Vp,=-001V (V,=-025V) and T=80K are 0.1315 (4.249)
AJ/cm? and 0.1068 (3.522) A/cm?, respectively. The best-device dark
currents under the same conditions are 0.1227 (2.859) A/cm? and
0.0853 (2.115) A/cm?, respectively. This is summarized in the table
in Fig. 5. The high levels of dark current are attributed to both the
lack of barriers in the PIN structure and the non-optimized As:In
BEP ratios used for these preliminary devices. The BEP ratio is
suspected to be non-optimal due to these devices being grown in a
different MBE chamber from the previously reported devices. This
has been reported for InAs-GaSb superlattices to cause detrimental
effects to the resulting device performances due to increased
interface roughness and, in the case of excess group V material,
the incorporation of impurities into the device [19]. The same effect
is expected to occur in the Ga-free SL.

Normalized spectral response characteristics were measured for
each device at V, =0V and T = 80K, and are shown in Fig. 6. The
measurements were not changed when a slight bias (V, = —0.01V)
was applied. The two samples show very similar response char-
acteristics. More notably, the cutoff wavelength Acywofrox=>5 pm at
80K for both devices. This cutoff wavelength is expected from the
14 ML InAs-12 ML InAsggiSbgig SL design, and has been demon-
strated previously [17]. This gives further indication that the digital
alloy sample has electrical characteristics that are comparable to the
reference sample. The digital alloy sample showed operation up to a
slightly higher temperature (220K vs. 200K for the ternary),
indicating that the material quality in the digital alloy sample is
slightly better.

The QE of the devices was measured by taking photocurrent
measurements with a calibrated Mikron blackbody source at 627 °C.
AtV,=-0.01V (V,=-0.25V)and T = 80 K, the QE of the ternary
and digital alloy samples are 24.1% (24.0%) and 39.7% (39.9%),
respectively. The increase in quantum efficiency present in the
digital alloy is attributed to the superior crystalline quality shown

Fig. 4. Dark current density characteristics of Ga-free reference (ternary) and digital
alloy-based samples. The average dark current densities at a bias of V,, = —0.01V
(Vy=-025V) and T=80K are 01315 (4.249)A/cm? for the ternary reference
sample and 0.1068 (3.522) A/cm? for the digital alloy sample. The blue lines indicate
Vp=—0.01V and V, = —0.25 V. (For interpretation of the references to color in this
figure caption, the reader is referred to the web version of this paper.)

Fig. 5. Table comparing the results of the reference (ternary) sample with the
digital alloy sample. These results show that the digital alloy is comparable to or
better than the ternary reference results for each measured parameter.

in the XRD results. The reduced FWHM of the Oth order digital alloy
peak indicates improved superlattice layer interfaces. The improve-
ment of these interfaces is believed to improve device performance
[12,20]. The results from this measurement are plotted against bias
voltage, and can be seen in Fig. 7. These results are comparable to
previously reported device results [17].

In all cases, the digital alloy sample is comparable to or better than
the ternary reference sample. This provides preliminary evidence that
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Fig. 6. Normalized spectral response measured for both the ternary and digital
alloy samples. These measurements were taken at V, =0V and T = 80 K, demon-
strating a photovoltaic response in these devices. The addition of a slight bias
(V, = —0.01V) did not result in any significant changes in these measurements.
These results demonstrate comparable response from the two devices.

Fig. 7. Quantum efficiency vs. voltage for both the reference (ternary) and digital
alloy samples. These measurements were taken at 80 K using a calibrated Mikron
blackbody set to 627 °C. The blue lines indicate V;, = —0.01 V and V;, = —0.25. (For
interpretation of the references to color in this figure caption, the reader is referred
to the web version of this paper.)

the use of a digital alloy does not negatively affect the electrical
performance of a Ga-free SL device and may prove to be a successful
replacement for the InAsSb ternary material, thereby improving the
growth stability of the Ga-free SL material.

5. Summary

In summary, two MWIR detectors were grown using a 14 ML
InAs—12 ML InAsgg1Sbg 19 design. One device was used as a reference,
while the other was grown using a 1.7 ML InAs-0.3 ML InSb digital
alloy in place of the InAsSb ternary. Electrical and optical character-
izations of these devices demonstrate that the digital alloy device
performs comparable to or better than the reference sample in each
metric. This provides preliminary evidence that a digital alloy is
suitable for use in Ga-free SL-based devices, thereby eliminating the

InAsSb ternary and easing the degree of dependence on growth
temperature and source BEP stability observed in the Ga-free SL
material system.
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Al In; _,As,Sb, _, quaternary alloys lattice-matched to InAs were successfully grown by molecular beam
epitaxy (MBE) for use as buffer layers for substrate isolation in InAs channel devices. The use of In-
containing quaternary buffer layers with 5% In was found to dramatically improve the heterointerface
between the buffer and a surface InAs channel layer. The composition of these alloys and the extent of
lattice matching were accurately determined by double crystal X-ray measurements. A simple model
was used to estimate the variation of critical thickness with lattice mismatch for AllnAsSb epitaxially
grown on an InAs substrate. Layers with high Al content and low As mole fraction were grown by
modulated MBE technique which was found to significantly improve the surface morphology and the
composition control of the alloys. In contrast, quaternary alloys with low Al content were grown by
conventional MBE and had an rms roughness of less than 0.2 nm.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Due to their high mobilities and electron velocities, IlI-V semi-
conductors are ideal contenders for use as channel materials in future
MOSFET transistors. In particular, InAs which has a bulk band gap of
0.35 eV, a room temperature electron mobility of 30,000 cm?/V s and
an electron velocity of 4 x 107 cm/s, is being considered [1]. In this
material system, it is possible to unpin the Fermi level through the
formation of a gate dielectric using atomic layer deposition [2]. InAs is
also technologically important for use in infrared detectors and is one
of the main components in the type Il superlattice structures [3,4]. For
electronic devices, determining the transport properties of thin InAs
channels without a suitable insulating buffer layer on native substrates
is problematic because of the narrow band gap of InAs. Possible insu-
lating buffers are quaternary Al,In; _,As,Sb, _,, alloys since they can be
lattice matched to InAs and have a high enough band gap (when a
high Al content is used).

The introduction of quaternary layers to the device design also
gives more flexibility to tune the band gap and band offsets of
lattice matched heterostructures on InAs. Compared to conventional

* Corresponding author at: Material Science, Engineering & Commercialization,
Texas State University, San Marcos, TX 78666, United States.
E-mail address: rdroopad@txstate.edu (R. Droopad).

http://dx.doi.org/10.1016/].jcrysgro.2015.02.013
0022-0248/© 2015 Elsevier B.V. All rights reserved.

AlGaAsSb, AllnAsSb provides higher valence band offset in InAs-based
type-1 quantum wells [5]. However, this enhanced flexibility comes at
the expense of a more complex growth scheme when using molecular
beam epitaxy. In a mixed group V quaternary system like AlInAsSb, it
is extremely difficult to control the composition because of the high
group V vapor pressure and the strong dependence of the incorpora-
tion rate on growth temperature. To avoid strain relaxation of thick
buffer layers, these layers must be lattice-matched to the specific
substrates by accurate controlling of the alloy composition. To accu-
rately fix the composition, a number of calibration runs are typically
required. Also, there are wide regions of possible quaternary composi-
tions that are unstable [6]. In thermal equilibrium, the quaternary
components tend to segregate into inhomogeneous mixtures of bin-
aries and ternaries. However, the non-equilibrium growth process
afforded by the MBE process can extend the miscibility boundaries
considerably. Even with MBE, inaccessible composition gaps remain
for some of the IlI-V quaternary systems.

In this study, AlIn;_,As,Sby_, alloys lattice matched to InAs
have been grown by conventional molecular beam epitaxy (MBE)
and modulated molecular beam epitaxy (MMBE) techniques on
InAs(1 0 0) substrates with the Al content ranging from x=0.19 to
x=1. In the MMBE scheme, the As and Sb shutters are alternately
opened and closed resulting in the variation of the As incident flux
within the layer and As content in the film.
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2. Experimental

Samples were grown in a DCA 3-in. capable molecular beam
epitaxy (MBE) reactor using elemental sources for group III (Ga, Al,
and In). Two crackers were used to supply the group V species (As
and Sb). The dopant sources were Te, Si, and Be. The cracker
temperature was set to 950 °C for As, and to 900 °C for Sh,. In-situ
reflection high energy electron diffraction (RHEED) was used to
monitor the surface quality in real time and obtain the growth rate
calibration for binary compounds. Fluxes were measured using
beam flux monitor consisting of a moveable ion gauge. Substrate
temperature was determined by emissivity corrected pyrometry
using the LayTec EpiRAS system and crossreferences using the
different well-known GaAs, InAs, and GaSb surface reconstruction
transitions monitored by RHEED.

Epi-ready Zn-doped InAs(1 0 0) substrates with nominal donor
density of 2 x 10" cm~3 were used in this study. The InAs oxide
removal process occurs at a substrate temperature of 520 °C. This
process is accompanied by a surface reconstruction transition
monitored by RHEED from a 3 x to 2 x reconstruction along the
[110] azimuth under an overpressure of arsenic [7] at a flux of
8 x 10~ % mbar. A thermal anneal for 30 min was carried out at a
temperature 15 °C higher to complete the native oxide desorption.
Following the oxide desorption, an InAs epitaxial buffer layer was
grown. The optimal growth conditions for InAs homoepitaxy have
been reported elsewhere [8] which include an initial low growth
rate of 0.15 ML/s. at a substrate temperature of 500 °C followed by
a bulk growth rate of 0.5 ML/s with an arsenic flux pressure of
3.5 x 10~ % mbar. The growth of the quaternary layers were carried
out at a temperature around 490 °C.

Double crystal X-ray measurements were carried out to obtain
alloy compositions and to monitor material defectivity. Dark field
optical microscopy was used to estimate surface defects. Atomic force
microscopy (AFM) was used to determine the surface morphology
and transmission electron micrograph (TEM) was used to character-
ize the defectivity and interface of the grown structures.

3. Results and discussion

3.1. Critical thickness of AllnAsSb on InAs

Lattice mismatch is defined as

Aa_affao_
a  a

-f M

where a5 is the lattice constant of the unstrained epilayer and ag is
that of the substrate. The lattice constant in the direction perpen-

Fig. 1. Calculated variation of critical thickness with lattice mismatch for epitaxy of
AllnAsSb on an InAs substrate. The inset shows the corresponding separation
between the substrate and strained epilayer (0 0 4) Bragg angles.

dicular to the interface is
a, =(1-osfar (2)

where osr =cq1/2c¢12 and c¢q; and ¢y are elastic constants of the
epilayer. The in-plane coordinate directions are x and y, and growth
occurs along the z-direction. These equations are only valid when the
z-direction coincides with the (0 0 1) crystallographic axis.

The critical thickness depends on a number of factors: (i) the
amount of the lattice mismatch (ii) the materials parameters and
(iii) the properties of the dislocations that form in the particular
material. In the case of misfit dislocations forming at the interface
when the critical thickness is exceeded, it has been shown that [9]

ao(1-ver/4) [In(v/2he/ao) +1]

he=
Zﬁﬂlfl(l +VPR)

3)

where vpg = (€12/(c11+¢12)) is the Poisson ratio. The variation of
critical thickness as a function of lattice mismatch for AllnAsSb on
InAs substrate is plotted in Fig. 1. The materials parameters listed
in Table 1 were used for the calculation. The ternary and
quaternaries values were obtained by linear interpolation of the
binary constants. According to this model, the maximum strained
layer thickness for a lattice mismatch of 3 x 10~ is 100 nm and
300 nm for a lattice mismatch of 1.3 x 1073,
The inter-planar spacing d in the Bragg’s condition,

2d sin 0 =nA 4)

coincides with the perpendicular lattice constant. Using Eqgs. (1) and
(2) gives:

d=a, =—-"q, (©)

Table 1
Elastic constants of single crystal semiconductor compounds at 300 K [10,11].

Compound ¢y [dyn/em?] ¢y [dyn/em?]  ost UPR

AlAs 12.02 x 10" 5.70 x 10" 1.054  0.322
AlSb 8.939 x 10" 4.427 x 10" 1.009 0.331
InAs 8.34 x 10" 4.54 x 10" 0918  0.352
InSb 6.67 x 10" 3,65 x 10" 0914 0354
AlAsg 16Sbo g4 9.432 x 10" 4631 x 10" 1.016  0.329
AlgosIng0sAsp20Sboso 9428 x 10" 4,639 x 10" 1.013 0328
Alg10lngs1AS0s2Sbo1s  8.690 x 10" 4.587 x 10" 0942  0.345

Fig. 2. The time sequence of the As and Sb shutters during the MMBE growth of
AlIn; _,As,Sb; _, lattice-matched to InAs. The Al and In shutters remained open
throughout the deposition while the As and Sb shutters opened and closed
sequentially for deposition of AllnAs and AlInSb for 0.4 s and 9.0 s, respectively.
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The difference, A@, between the substrate and epilayer (0 0 4)
Bragg angles is proportional to the lattice mismatch as shown in
the inset of Fig. 1.

3.2. Digital growth of Aln; _As,Sb; _ alloys

The lattice-match condition of AlJn;_,As,Sb;_, on InAs with
high Al content (x > 0.9) requires a low As to Sb composition ratio
(< 0.3). Because As, has a high incorporation rate relative to that
of Sb, at the growth temperature used, it is more difficult to
control the composition of mixed group V alloys with low As
fractions. At 500 °C, the As flux has to be limited to one order of
magnitude lower than the Sb flux. In order to overcome this issue,
MMBE growth of AllnAsSb was used. MMBE allows comparable
group V fluxes to be used for As and Sb while the incorporation of
the group V is controlled by shuttering the As or Sb sources. The

growth rate for the quaternary alloy was 0.5 ML/s with the Sb-flux
kept at 3.1 x107% and the As-flux varied from 1.9 x 10~¢ to
2.3 x 10~°® mbar.

The modulated growth scheme employed for the quaternaries
layer is shown schematically in Fig. 2. The Al and In shutters
remain open while the As and Sb shutters alternately open and
closed so that a superlattice structure consisting of AllnAs and
AlInSb is grown. The thickness of the layers is controlled so that
each individual layer is less than the critical thickness. Each pair of
ternary layers is strain compensated. This allows for very thick,
defect free, quaternary layers to be grown lattice matched to InAs.

The MBE growth development for insulating buffers on InAs
started with the lattice matching of AlAsSb, the alloy with the
largest bandgap, to the InAs substrate. The shutter times and the
Sb flux were kept constant while the effect of changing the As flux
was investigated. Fig. 3(a) shows the X-ray rocking curves for a

Fig. 3. XRD rocking curves and dark field OM images of ternary and quaternary layers grown on InAs substrate along with a simulation to obtain the alloys compositions.
(a) Relaxed and pseudomorphic AlAsSb epilayers. The dark field optical micrographs shows the surface quality of the 3 surfaces. The dashed line represents maximum
mismatch for a 300 nm layer. (b) 500 nm-thick AlAsSb lattice matched layer. Inset shows a 60 x 60 pm? AFM micrograph of the sample with an rms roughness of 0.21 nm.
(c) 500 nm-thick Alg.osIng05AS0.20Sbo.go layer lattice matched to InAs with an rms AFM roughness of 0.24 nm.
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series of growths of AlAsSb buffer layer on InAs substrate with the
composition determined using simulations. The satellite peak in
the X-ray diffractograms corresponds to the ternary alloy. A clear
shift towards the substrate peak is seen as the As flux is decreased.
The layer with 24.2% of arsenic has relaxed as revealed in the
corresponding dark field optical micrograph which shows a cross-
hatched surface. The vertical dashed line in Fig. 3(a) indicates the
maximum mismatch for a layer with a nominal thickness of
300 nm according to the calculation in previous section. The
sample with an arsenic composition of 19.4% did not relax but
was strained as evidenced from the narrow linewidth and the
smooth optical micrograph. An AFM analysis of the surface also
showed no indication of partial relaxation. This would suggest that
the model in Eq. (3) slightly underestimates the critical thickness
as it predicts the 19.4% arsenic layer should relax. The sample with
17.3% of arsenic has the lowest tensile strain, a much better surface
morphology with a low rms roughness of 0.197 nm. Using the
MMBE method, 500 nm thick AlASo_]63Sb0.837 and A10,95]n0,05
Asg20Sbo.go layers lattice matched to InAs were successfully grown
(Fig. 3b and c). HRXRD fringes seen for these layers indicate high
quality material and abrupt interfaces. The rms roughness for
these layers was < 0.25 nm over a 60 pm x 60 pm scan region.
The motivation for investigating the growth of In-containing
quaternary layer was the surface and interface roughness seen when
InAs surface channel layer was grown on AlAsSb buffer layers. The
large band gap AlAsSb layer serves to isolate the conducting InAs
substrates in the fabrication of high mobility electronic devices. The
TEM image in Fig. 4(a) shows the structure consisting of InAs
substrate, a ternary AlAsSb buffer followed by a thin InAs surface
channel. While the micrograph shows a sample with no detectable

defects and layer thicknesses as predicted from RHEED growth rates
a close examination InAs/AlAsSb interface in the right micrograph
showed an undulation of the top AlAsSb surface. This undulation
results in a non-uniform thickness of the top InAs layer presenting a
major problem for a surface channel device. However, the top surface
of the InAs layer is smooth suggesting that the addition of In into the
AlAsSb layer may help to improve the device structures by reducing
the long range roughness at the interface. To maintain a large enough
band gap to isolate the InAs channel, the indium content has to be
kept low.

Fig. 4(b) shows the effect of the addition of a small amount of
indium to the buffer layer. In this case, the In composition of 5% is
shown to virtually eliminate the AlAsSb undulation. The interfaces
are smoother and the surface InAs channel thickness is uniform.
This quaternary layer is grown using the modulated MBE method
with a modification of the group V composition in order to satisfy
the lattice match condition.

3.3. Non-modulated growth of AlyIn; _,As,Sb; _, alloys

For high In composition quaternary alloys the use of digital
growth (as shown in Fig. 1) is not possible. This is because, at high In
content, the thickness of the AllnSb can exceed the critical thick-
ness. For this reason, the growth of high In composition quaternary
layers was carried out using conventional MBE. Fig. 5 shows the
XRD rocking curves for a series of 100 nm thick quaternary layers
with In composition of 81% on InAs substrate that were grown
using conventional MBE deposition. RHEED oscillations were used
to set the group IIl composition assuming a unity sticking coeffi-
cient at the growth temperature of 490 °C. The As and Sb fluxes

Fig. 4. (a) Cross-sectional TEM images of ternary AlAsSb layer lattice matched to InAs with a top InAs channel layer. On the right micrograph, a close inspection shows the
undulating ternary interface with the top InAs layer resulting in the top InAs layer having non-uniform thickness. (b) Cross-sectional TEM images of quaternary AllnAsSb
layer with 5% In content lattice matched to InAs with a top InAs channel layer. As shown in the right micrograph the addition on In in the buffer layer resulted in smoother

interfaces and uniform InAs surface channel layer.
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Fig. 5. XRD rocking curves of 100 nm-thick quaternary layers with 81% In grown on an InAs substrate. XRD simulations are also shown (in red) to obtain the alloys
compositions. As the As flux was increased, the lattice matched condition was approached (a-c). Perfect lattice matching of the buffer layer is seen in (d). (For interpretation
of the references to color in this figure legend, the reader is referred to the web version of this article.)

were adjusted to obtain lattice matching. The Sb flux was kept
constant with a BEP (beam equivalent pressure) measured value of
5.6 x 10~ ® mbar and the As flux was varied. The quaternary layers
shown in Fig. 5(a—c) were determined to be in compression. Fringe
oscillations in the rocking curve data and the excellent fit with
simulation suggest the layers have low defectivity and smooth inte-
rfaces. By adjusting the As flux, exact lattice matching the substrate
was achieved (Fig. 5d).

4. Conclusions
AlIn; _4As,Sby _, quaternary alloys were grown successfully

lattice matched to an InAs substrate by MBE. Double crystal X-ray
measurements were used to determine the alloy composition and

the degree of mismatch of the strained layers. A simple model
(which assumes misfit dislocations formation at the interface
when the critical thickness is exceeded) was used to predict the
variation of critical thickness with lattice mismatch for AllnAsSb
on an InAs substrate. Comparison of the model with as-grown layers
suggests the model slightly underestimates the critical thickness.
AlAs,Sb;_, ternary alloy which represent a lattice matched
buffer with the largest band offsets for an InAs surface channel
results in long range roughness at the interface with the top layer.
The use of quaternary buffer layers with 5% of In drastically improved
this heterointerface by eliminating the long range roughness. For low
In% quaternary buffers, a digital growth scheme was used in which
the As and Sb shutters were alternately switched. For high In content,
conventional MBE was used in which the As flux controlled the
group V composition. The successful growth of the AllnAsSb buffers
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lattice matched to InAs can provide greater freedom than ternary
buffers in the design of high speed optoelectronic devices which use
narrow band gap materials.
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Partly released InGaAs layers forming a wrinkled network are used as templates for InAs growth. A
systematic growth study was carried out, where InAs amounts from 0 ML to 3 ML were deposited on the
patterned samples. The material migration during growth is evaluated by distinct microscopy
techniques. We find a systematic accumulation of the deposited material on the released, wrinkled
areas of the sample, whereas no material accumulation or formation of three-dimensional nanostruc-
tures is observed on the unreleased areas of the sample.
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1. Introduction

The thickness for the defect free growth of InGaAs/GaAs
heterostructures is limited due to the mismatch strain between
the two materials [1]. Such mismatch strain is at the origin of the
formation of dislocations or the formation of three-dimensional
nanostructures, depending on the growth rate, temperature and
total coverage [2]. In the late 90s, a new class of compliant
substrates was proposed and realized [3-7]. They can extend the
threshold of maximum allowed thickness (critical thickness)
before the formation of dislocations or other growth defects.
Recently, such compliant substrates have been realized [8-11]
using freestanding semiconductor structures formed by the
release and rearrangement of thin solid films [12-16].

We use in this work partly release Ing33Gage7As membranes
forming a wrinkled network [17,18] as virtual substrate for the
growth of InAs nanostructures. Molecular beam epitaxy (MBE) was
used to deposited different amounts of material. The evolution of
the material at the top of the membranes was studied with atomic
force microscopy (AFM) and scanning electron microscopy (SEM).
We find that in our systematical growth study that only InAs
nanostructures form on the released parts of the sample. Further-
more, we observe a migration and accumulation to the deposited
material at the released, wrinkled areas of the sample. The SEM
images show that the InAs deposits form large structures pre-
ferably on the top of the freestanding parts of the released

* Corresponding author.
E-mail address: christoph.deneke@Innano.cnpem.br (Ch. Deneke).
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0022-0248/© 2015 Elsevier B.V. All rights reserved.

membrane. This is ascribed to the smaller lattice misfit between
the virtual substrate and the deposited material as well as to the
compliance of the freestanding, wrinkled membranes.

2. Experimental details

Fig. 1a and b shows a schematic illustration of the main steps to
produce the wrinkles membranes. A commercial heterostructure
(EpiNova) composed of an AlAs (20 nm) sacrificial layer and
Ing33Gags7As (5 nm) grown on a GaAs (001) substrate was used
to prepare the samples. In the first step, we patterned circular
mesas (150 pm) using photolithography. After defining the pat-
tern, the sample is cleaned as described in Ref. [19]. To obtain
partly release membranes and consequently the wrinkle struc-
tures, we selectively remove the AlAs sacrificial layer with a HF:
H,O0 (1:30) solution (Fig. 1b). The light microscopy image in Fig. 1c
shows the defined circular mesas with 150 pm after the process.
For better illustration, we show a detailed representation of the
etched sample in Fig. 1d, visualizing the 10 pm deep wrinkled area
as well as a mark of the size of a typical AFM scan (red rectangle).

All samples were grown using the MBE facility of the LNNano
(CNPEM, Brazil). The samples were heated to 350 °C for 2 h before
growth and hydrogen cleaning. After this step, cleaning with
atomic hydrogen was carried out to remove the native top oxide
and carbon contaminants without damaging the thin membrane.
After hydrogen cleaning, we observed a streak reflective high
energy electron diffraction (RHEED) pattern, proofing the removal
of the native surface oxide. The sample was then transferred to the
main chamber, where the InAs was deposited with a growth rate
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Fig. 1. Sketch of the sample fabrication procedure: (a) processed sample before membrane release and (b) after partial underetching with wrinkle formation at the mesa
border regions. (c) Light microscopy image of the mesas after partial layer release. (d) Schematic illustration of the wrinkled region after the partial releasing of the InGaAs
layer. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this article.)

(given in monolayers (ML) per second) of 0.022 ML/s at a substrate
temperature of ca. 490 °C. After material deposition, a post-growth
annealing of 5 min was carried out. In-situ RHEED monitoring was
used during the whole growth process. Dot formation could be
confirmed by the change of the RHEED pattern from streaky to
spotty.

The topography of the samples was studied with atomic force
microscopy (AFM) using two different systems (NX10 Park System
and Digital Instruments Nanoscope Illa). An Inspect F50 (FEI
instruments) scanning electron microscopy (SEM) operating in
10 keV was used for a complementary study of the topography and
material accumulation at the top of the membranes. Grazing-
incidence X-ray diffraction (GI-XRD) maps were measured at the
beamline XRD2 of the LNLS (Campinas, Brazil) using a beam
energy of 9.5 keV. The sample is illuminated with a 0.2° incident
angle and the diffraction signal detected using a Pilatus 100 K area
detector covering an exit angle ranging from O to 2.5°. Reciprocal
space maps as well as cuts through the reciprocal space were
obtained near the in-plane (220) GaAs reflection.

3. Results and discussion

In Fig. 2a-d, we show a systematic growth study for a InAs
deposition of 0 ML, 1 ML, 2 ML and 3 ML. Fig. 2a depicts an AFM
image of the surface of the O ML sample. This sample was
submitted to the normal growth process but without opening
the In shutter. We can identify the wrinkles formed after the
release process, the frontier between the released and unreleased
parts of the sample as well as the flat unreleased areas. No
material accumulation or migration is observed in the released
or unreleased part. The unreleased part stays attached in the
substrate and exhibits a flat surface. The released and back-bond
areas exhibit the typical wrinkled network previously observed for
such type of samples [17,18]. This proofs that the wrinkle network
stays intact during the growth process and no Indium segregation
and migration from the released or unreleased InGaAs film occurs.

In our study, we monitored the InAs nanostructure formation on
different positions of the sample. Already on the surface of the sample
with 1 ML deposited, some InAs accumulation can be observed

(Fig. 2b, marked by black circles for clarity). No Indium dots or other
type of deposit is observed on the unreleased area; even so we could
already expect some dot formation as the critical thickness for the
unreleased parts of the sample should be below the 1.8 ML for a bare
GaAs (001) surface. For 2 ML InAs deposition a large amount of InAs
accumulation can be observed in form of chain-like structures on the
wrinkled structures of the released parts (Fig. 2¢). Furthermore, InAs
accumulates on the frontier between the etched and unetched parts of
the sample. No major formation of InAs structures is observed on the
flat, back-bond parts of the released membrane. Finally, for the sample
with 3 ML InAs deposited (Fig. 2(d)), InAs dot formation is observed on
the flat parts of the released areas. Further, all wrinkles are completely
covered with InAs. InAs also accumulates on the frontier between the
released and unreleased parts. For none of the samples, InAs nanos-
tructures form on the unreleased areas indicating that the material
migrates from the released to the unreleased parts. Further studies
(see Ref. [19]), show a migration length up to 60 pm in similar
samples.

To better estimate the size and position of the InAs nanos-
tructures formed on top of the wrinkled areas of the sample, SEM
was carried out on the sample with 2 ML deposited.

Fig. 3a shows an SEM image of the edge between the released
and unreleased parts of the sample. In the image, the wrinkles
formed after the release of the membrane can be identified.
Furthermore, the frontier between the released and unreleased
parts is visible. On top of the membranes, InAs nanostructures can
be recognized by their contrast compared to the dark background
of the wrinkled-up, three-dimensional membrane. The SEM image
shows that InAs only accumulates in big quantities on top of the
freestanding parts of the membrane, which can act as complied
substrates. No major InAs structure with comparable height and
width is observed neither on the released, back-bond areas nor on
the unreleased parts of the sample. Fig. 3b depicts a magnification
SEM image of a single wrinkle structure seen in Fig. 3a. Again, the
InAs accumulation on top of the wrinkle is clearly identifiable.
Besides the large structure, which exhibits some crystal facets,
only a very small InAs structure on the etching frontier (left side of
the image) can be seen. This clearly supports our hypothesis that
the top of the wrinkle is the preferred place of the material
accumulation at these unique growth templates. We ascribe the
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Fig. 2. Growth series with different amounts of deposited InAs material in partly released membranes. All images above show 10 x 10 pm? areas in the etching front that
separates the released and unreleased parts, as represented in the square mark in Fig. 1(d). (a) 0 ML of InAs deposition (b) 1 ML of InAs deposition (black circles mark the area

with material accumulation) (c) 2 ML of InAs (d) 3 ML of InAs deposition.

Fig. 3. (a) SEM image of wrinkled region and (b) a magnification of this area.

InAs accumulation to a non-homogeneous chemical potential due
to changes on the misfit strain between unreleased, released back-
bond and released wrinkled parts of the sample [19].

To understand, if the InAs accumulation leads to a partial
relaxation (either elastic or inelastic), GI-XRD was carried out on
the 2 ML sample.

Fig. 4a depicts a radial-angular reciprocal space map obtained
around the (220) GaAs reflection. Besides the intense peak asc-
ribed to the GaAs position (g,=3.14 A~1), a shoulder towards the
expected position of the InAs lattice parameter (g,=2.94A~ ') is
observed. This is attributed to material deposited on the InGaAs

membrane, in which a lattice parameter gradient continually dev-
elops from unrelaxed, epitaxial material to nearly fully relaxed
material with the InAs lattice parameter.

To better understand the material origin of the continuous
lattice parameter distribution, the lateral domain size L of the
scattering material is evaluated from the Aq, width of the map -
L=2n|Aq, - at several reciprocal space conditions (denoting
distinct lattice parameters within the lattice gradient) and plotted
in Fig. 4b. From the graph, we can clearly attribute the L
values retrieved at lattice parameters close to GaAs (5.653 A) as
originated from large areas, found in bond-back parts of the
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Fig. 4. (a) Reciprocal space map around the GaAs (220) reflection. (b) Crystalline
domain size obtained from the q, profile widths along the reciprocal space map.

membrane, as well as on the pseudomorphic unreleased film.
Starting from a lattice parameter of 5.75 A, we retrieve a smaller
domain size of ca. 90 A. Such type of domain is related to the InAs
deposits observed in wrinkled regions by AFM and SEM images
and is comparable with the size of individual InAs islands grown
on flat substrates. This indicates that InAs deposits partly relax,
hence exhibiting a lattice parameter closer to InAs - either
elastically by straining its substrate as seen before [5,8] or
plastically by the introduction of crystal defects.

4. Conclusion

We describe the formation of InAs nanostructures by material
migration during the growth of InAs on partly released, wrinkled
InGaAs membranes. AFM images obtained from surfaces of a
systematic growth series indicates that the InAs migrates from
the unreleased to the released areas of the sample and accumu-
lates preferably on top of wrinkled structures. Our AFM and SEM
results additionally show that InAs nanostructures are not formed
on the unreleased parts of the samples. SEM results confirm that a
major amount of the material migrates to the compliant free-
standing parts of the samples.

Our work demonstrates that released wrinkled InGaAs net-
works can be used as compliant substrates for the growth of InAs/
GaAs heterostructures. Furthermore, the growth on such partly
released membranes turns out to be fundamentally different from
the growth on rigid substrates as the deposited material mig-
rates over large distances. The origin is ascribed to a non-homo-
geneity of the chemical surface potential due to the change of the
lattice parameter between the released and the unreleased areas
of the sample [19]. GI-XRD indicates that the deposited material
undergoes a partial relaxation. Further experiments have to show,
if this relaxation is mostly elastic or plastic.
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We present a systematic study of extended defect creation in InGaAs/GaAs multiple quantum well
(MQW) structures. Three sets of samples, grown by molecular beam epitaxy, were characterized by high-
resolution x-ray diffraction and transmission electron microscopy. First, in a temperature series, optimal
deposition temperature of 505 °C was found for the In composition of 20% as determined from
dislocation loop (DL) density and inspection of diffuse scattering patterns. InGaAs decomposition and
lateral layer thickness undulations were observed above this optimal temperature. Second, increase of
MQW periodicity from x 5 to x 10 revealed a thickness-related cumulative deterioration, characterized
by increased likelihood of defect intersection with continued MQW growth, as suggested by an increase
of the secondary DL density from ~1.6x 10’ cm~2 to ~6 x 10® cm~2. Additional strained layers
experienced an ever-degrading quality of the growth surface. Third, a set consisting of samples with
three different MQW periods was investigated. Different stages, suggested by a model of defect creation,
were obtained for these different MQW periods, allowing specification of particular type, density, and
spatial distribution of extended defects for each stage of defect creation.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Defect creation as an inherent process in epitaxial growth has
impeded the realization and practical application of many electro-
nic and optoelectronic devices. Physical properties and hence final
device performance depend critically on the crystal quality of the
epitaxial structure [1-5]. In multiple-quantum-well (MQW) solar
cells, which appear to offer a superior approach compared to their
homojunction counterparts [6-8], crystal quality deterioration still
inhibits tapping of their full potential [9].

We report here on investigations of defect creation in InGaAs/
GaAs MQWs and describe new findings about the main structural
features, such as type, density, and spatial distribution of crystal
defects, as dependent on growth conditions. Observations are
interpreted in the framework of a model describing defect creation
as a multi-stage process, starting from accommodation of initial
elastic stress and point defect (PD) creation on the growth front,
followed by inward diffusion and accumulation at pre-dislocation
clusters, and finally transformation to extended defects in the
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volume of epitaxial structure [10-12]. The crystalline properties of
these structures as dependent on growth conditions are related to
optical properties in the companion paper [13].

2. Experimental details

The In,Ga; _yAs/GaAs MQW samples were grown by molecular
beam epitaxy (MBE) on undoped (001)-oriented GaAs-wafers.
MQW growth was preceded by a deoxidation step at 580 °C,
followed by the growth of a 250-nm-thick GaAs buffer and AlGaAs
cladding layers at a deposition temperature of 595 °C. Completion
of deoxidation and the surface morphology transformation were
monitored by in situ reflection-high-energy electron diffraction
(RHEED). Growth rates of MQW structures were chosen as
~0.1 nm/s and 0.08 nm/s for InGaAs and GaAs layers, respectively,
adjusted ~20% In composition.

Three sample sets were grown in order to allow defect creation in
the InGaAs MQWSs to be studied systematically as a function of
deposition temperature, total MQW thickness, and average elastic
strain.

(I) four samples, MQW period 8+8 nm (well and barrier thick-
ness), grown at various deposition temperatures between 475
and 520 °C, with x 5 periodicity;
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(I1) two samples, MQW period 8+8 nm, grown at 490 °C, with
periodicity x5 and x 10;

(1) three structures, grown at 490 °C, periodicity x 10, with
MQW periods 4+ 8 nm, 848 nm, and 8+ 16 nm.

These grouped structures were then analyzed to determine the
influence of the growth parameters on defect creation. Crystalline
properties were investigated with a PANalytical X’Pert Pro MRD
high-resolution x-ray diffractometer (HRXRD) in double- and
triple-crystal (DC and TC) modes for acquisition of DC and TC w-
20 and TC w rocking curves (RC). In TC geometry, an analyzer
crystal in front of the x-ray detector is used to spatially separate
coherent and diffuse scattered radiation. Shape, position, and full-
width-at-half-maximum (FWHM) of diffraction peaks in respec-
tive RCs were examined to obtain structural information about the
substrate and the epitaxial layers to suggest the type, density, and
spatial location of the crystal defects resulting from epitaxial
growth [10-12,14-16]. Symmetrical (004) and asymmetrical
(224) w-26|/w TC reciprocal space maps (RSM) revealed the spatial
distribution of diffuse scattered radiation, and hence showed
structural features of the created defects. Asymmetric RSMs enable
estimates to be made of the extent of relaxation of initial elastic
stress, and correct specification of the preferred type of crystal
defects [10-12].

Plan-view and cross-section transmission electron micrographs
were compared to results from RHEED and HRXRD characterization.

3. Results and discussion
3.1. Deterioration regimes at different deposition temperature

Changes in crystal deterioration between deposition tempera-
tures of 475 °C and 520 °C are observed in DC w-20 scans (Fig. 1).
These curves are dominated by (004) GaAs diffraction and MQW
superlattice (SL) peaks. In the curves for samples grown at
temperatures < 505 °C, coinciding angular positions of the SL
peaks indicate the target In composition of ~20% and MQW
period of ~16 nm. Interference patterns with clear SL peaks and
interference fringes over a wide angular range correspond to a
total MQW thickness of 80 nm and low deterioration of vertical
coherence. RSMs reveal low density of diffuse scattered radiation
and zero relaxation of the initial elastic stress. In cubic lattice
heterostructures, this indicates low density of 60° dislocation
loops (DLs) as the primary extended defects created in the volume
of the epitaxial structures and on the interface(s), along with a lack

T T M T T T T T T T
T,= —475°C osL (004) GaAs

——490°C I }
——505°C :
520°C DC »-26 scan 3

XRD intensity [arb. u.]

31.0 315 320 325 330 335 340 345
o [degrees]

Fig. 1. DC w-26 scans in (004) reflection of four x5 MQW structures, period
8+ 8 nm (well+barrier width) grown at different temperatures. SL peaks resultant
from MQW periodicity and fast interference fringes related to total MQW thickness
are clear for structures Tqep < 505 °C. Scan for the structure Tgep=>520 °C demon-
strates decrease of In composition and reduced vertical coherence of the MQW.

of closing-edge segments (Lomer dislocations) formed where the
60° DLs intersect in the volume of the MQWs [10-12].

In contrast, the DC w-26 scan of structure T4ep=520 °C reveals
a lower In composition of ~18.5%, as the SL interference pattern is
shifted towards the substrate peak. Further, the SL peaks and the
interference fringes are diffuse as a result of inferior vertical
coherence. Quantitative results obtained from the FWHM of
MQW peaks in TC w-26 scans demonstrate diminished vertical
coherence ~75 nm (Table 1), while samples Tqep < 505 °C exhibit
larger vertical coherence length ~97 nm.

TC w RCs (Fig. 2) are used to specify type, density, and spatial
distribution of preferred defects. The structures grown at
Tgep < 505 °C (Fig. 2a) reveal @ RCs with a narrow central coherent
peak on wider base and a clear interference wing on the tails
indicating lateral ordering of the secondary 60° DLs on the MQW/
substrate interface [10-12,14]. On the contrary, weak lateral
ordering of small defects occurs at elevated temperature, as
indicated by the broad range of scattering contributions in the
respective TC @ RC (Fig. 2b). Azimuthal asymmetry observed for
the lower growth temperatures is not present in this structure. The
analysis of shape and linewidths in TC @ RCs allowed estimates to
be made of the densities of 60° DLs as listed in Table 1. The density
of both primary and secondary 60° DLs decreased with increasing
deposition temperature until a minimum (~3 x 10° cm~2 and
~1.5x 107 cm~2 for primary and secondary DLs, respectively) is
reached for a growth temperature of 505 °C. Diffuse scattering on
the tails of the @ RCs caused by these loops is also minimal for this
sample.

Symmetric and asymmetric RSMs (not shown) confirm the
differences in crystal quality deterioration. While symmetrical
RSMs for structures Tgep < 505 °C reveal narrow diffraction spots
connected by a streaky truncation rod due to high vertical
coherence of entire MQW structure, wide areas of diffuse scatter-
ing are observed in the RSM of the structure grown at 520 °C. The
latter indicates deterioration of crystallinity with a broad range of
length scales that is attributed to InGaAs decomposition leading to
reduced In composition (~18.5%) and the creation of small
scattering objects like In clusters. Asymmetrical RSMs with coin-
ciding Q, diffraction vector for (224) GaAs and InGaAs SL spots
indicate a lack of initial stress relaxation for structures grown at
<505 °C because primary DLs having their bottom edge segment
in the volume of the substrate do not contribute to relaxation.
Likewise, the density of secondary DLs is not sufficient to initiate
relaxation. Asymmetrical RSMs in which the position of substrate
and InGaAs SL spots causes specific Qy gap (Tgep=520 °C), indicate
an initial stage of stress relaxation (~2-3%).

Cross-section transmission electron microscopy (TEM) of the
structure grown at 520 °C revealed a structural instability in the
MQW structure with regard to the growth of morphological
perturbations. In contrast to the other three samples, the MQW
interfaces are not smooth, but show lateral thickness undulations
with a period of ~100 nm (Fig. 3). This type of deterioration is
attributed to the structural instability caused by the elevated
growth temperature. This growth interval 505-520 °C resembles
the critical temperature (surface diffusivity) predicted by [17]
based on a theoretical stability analysis of strained-layer super-
lattice epitaxial growth. In this critical range, MQW growth is
supposed to transition from a stable to an unstable regime,
characterized by the lateral modulations in layer thickness.

Structural analysis identified the deposition temperature of
505 °C as the optimum for low deposition rate (~0.1-0.15 nm/s)
epitaxial growth of the Ing>GaggAs MQWs. Further, two different
regimes of crystal deterioration were found. At the optimal growth
temperature and below, primary and secondary 60° DLs with
pronounced lateral ordering served as the primary crystal defects
that stabilize initially deteriorated epitaxial growth. DL densities
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Table 1

Structural parameters as obtained from high-resolution x-ray diffraction around (004) InGaAs/GaAs MQW peaks.

Taep [°C] 475 490 505 520
FWHM TC w-260 (0OSL peak) [arc sec] 176 174 176 228
FWHM TC @ RC (—1SL peak) [arc sec] 12.2 11.2 94 10.1

L vert.con. (MQW structure) [nm] 97 98 97 75

N primary pLs [cm 2] 5.5 x 10° 43 % 10° 3.0 x 10° 3.7 x 10°
N secondary pLs [cm 2] 2.7 x 107 1.6 x 107 1.0 x 107 12 x 107
Relaxation [%] 0 0 0 2-3

[110] azimuth
[1-10] azimuth

[110] azimuth
[1-10] azimuth

Fig. 2. TC  RC in (004) reflection on -1SL of structure grown at: (a) optimal T4ep=505 °C and (b) elevated temperature Tqep=520 °C. Pronounced interference wings on the
curve tails (a) contrast broad range of diffuse scattering (b) as a result of lateral ordering of extended defects.

Fig. 3. Cross-section TEM of the x 5 MQW structure grown at Tgep =520 °C. Lateral
layer undulations (period ~100 nm) result from elevated deposition temperature
and partial In decay.

decrease with increasing deposition temperature up to the optimum.
Exceeding this temperature, a different type of deterioration, char-
acterized by a range of lateral length scales and diminished vertical
coherence is created. InGaAs decomposition as a material instability
occurs at elevated growth temperature and a structural instability is
manifested in lateral layer undulations.

An In composition ~20% was chosen for this particular study.
However, there is possibly a different optimal temperature for
each In composition and deposition rate with highest crystallinity
and two distinct regimes of primary crystal deterioration below
and above this temperature.

3.2. Effect of MQW periodicity

The increase of MQW periodicity from x5 to x 10, for a fixed
growth temperature of 490 °C and MQW period of 8+8 nm, is
characterized by greater deterioration of crystal quality. Whereas
the vertical coherence length of the x5 structure (~98 nm)

resembles its physical thickness (~80 nm), the x 10 structure
reveals vertical coherence (~110 nm) in comparison to MQW total
physical thickness (~160 nm). This reduction results from an
increased density of secondary DLs, their intersection, and creation
of coherency-deteriorating edge segments (Lomer dislocations) in
the volume of the SL.

TC w RCs collected around the SL peaks reveal a strong decrease in
coherent scattering and a prominent increase of diffuse scattering on
the tail of the RC as the total MQW thickness is doubled. The increase
in diffuse scattering is related to the increase in total density of
secondary 60 °C DLs from ~1.6 x 10’ cm™2 (x 5) to ~6 x 10% cm—2
( x 10) and augmented formation of edge segments resulting from DL
intersection in the volume of MQW. The lateral coherence of the
epitaxial layers is thus reduced.

Enhanced creation of secondary DLs and reduced vertical and
lateral coherence are visible in the (004) RSMs (Fig. 4). While the
narrow SL spots of the x 5 MQW structure (Fig. 4a) are connected
by a continuous narrow surface truncation rod due to high spatial
coherence, Fig. 4b shows a broken truncation rod and diffuse SL
spots visually elongated in the lateral direction.

The increase in secondary DL density shifts creation of next
“tertiary” DLs close to the interface. This type of 60° DLs originates
from single-atom pre-dislocation clusters, which gradually occupy
vacant positions on the interface (minimal distance between these
loops is ~ | b| [exx, Where | b| is the modulus of the Burgers vector
and &y, the initial elastic strain). These positions became available
between already created primary and secondary DL extraplanes,
which, diminishing atomic migration on the growth front, enable
the creation of single-atom pre-dislocation clusters. Single-atom
size of these pre-dislocation clusters induces secondary elastic
stress to create DLs close to the interface and finally onset
relaxation of the initial elastic stress [12], but insufficient to let
created dislocation core glide into the substrate. In fact, the
compressively strained SL is fully stressed in the x5 structure,
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Fig. 4. Symmetrical (004) reciprocal space maps for two 8 +8 nm structures grown
at the same deposition temperature and MQW period, but varied MQW periodicity
(a) x5, (b) x10. Extended diffraction spots for x 10 structure illustrate spatial
coherence diminution and initial stage of relaxation caused by secondary DLs.

whereas a relaxation of ~12-15% is observed in the (224) RSM for
the x 10 structure.

Contrasting these two samples with different MQW periodicity
(total thickness), while Tgqep and MQW period were kept fixed,
revealed a cumulative thickness-related deterioration as the elas-
tic strain is accommodated during epitaxial growth by the gradual
occupation of pre-dislocation positions on the interface(s).

3.3. Effect of MQW period

Growth of x 10-periodicity MQW structures was carried out at
a common deposition temperature. Starting from the MQW period
8+8nm (well and barrier widths), as used in all structures
discussed so far, the thickness of the strained well layers was
reduced to 4 nm. In a second approach, the strained layer thick-
ness was kept at 8 nm, while the unstrained barrier width was
doubled to 16 nm. This set of samples allows an evaluation of how
changes in the total incorporated elastic strain affect and possibly
mitigate defect creation related to lattice-mismatched epitaxial
growth.

The sample with the lowest MQW period of 4+8 nm revealed
best crystal quality with a sharp coherent SL peak in the TC @ RC
(Fig. 5). FWHM of the central and diffuse peaks of symmetric RCs
allowed estimates to be made of the density of primary and
secondary DLs of ~5-7.5 x 10 cm~2 and ~1 x 107 cm 2, respec-
tively. From the linewidth of the SL peaks in the TC w-26 scans,
the vertical coherence length of the MQW was calculated to be
~120 nm, which coincides with the physical thickness of the
structure. Symmetrical RSM (Fig. 6a) revealed SL spots elongated
along the vertical diffraction vector forming a faint surface
truncation rod. The narrow lateral extent of diffraction spots
correlates with a weak diffuse scattering contribution in TC @
RC. Total density of the primary and secondary DLs was insuffi-
cient to onset noticeable creation of tertiary DLs and relaxation of
the initial elastic stress. The growth surface, deteriorated by
InGaAs deposition was “healed” by barrier GaAs layers,

Tge=490°C

x10 MQW periodicity
MQW-period=

4+8 nm

8+8 nm

8+16 nm

Fig. 5. TC @ RCs in (004) reflection of three MQW structures with varied MQW
period. Three different, preceding stages of defect creation are realized. For the
8416 nm structure RCs for two azimuthal directions [110] and [1-10] are shown,
whereas the two other samples do not show azimuthal anisotropy.

diminishing the depth of dislocation trenches, the main deterior-
ating factor on the growth surface [11]. Both effects terminated the
defect creation at an early stage, individually for each SL pair (well
and barrier), as less strain needed to be accommodated and fewer
surface migration obstacles to overcome.

In contrast, the samples with increased MQW periods of
8+16nm and 8+8 nm with thicker strained layers showed
reduced crystal quality. Coherent scattering was considerably
weakened and diffuse contributions were enhanced, as apparent
from the TC w RC (Fig. 5). The structure with 8+16 nm demon-
strates an intermediate stage of crystal perfection, between those
observed in the 4+8 nm and the 8+8 nm structures. For [110]
azimuth direction, coherent scattering from the MQW structure is
rather intense and a primary DL density of ~7-8 x 10° cm 2 is
estimated from the FWHM of this peak (Fig. 5). Visual azimuthal
asymmetry of the @ RCs for [1-10] direction corresponds to the
anisotropic spatial distribution of extended defects. This distribu-
tion results in secondary DL density estimates differing by
about an order of magnitude, namely of ~1.3 x 10’ cm~2 and
1.7 x 108 cm~2 for [110] and [1-10] azimuths, respectively. The
anisotropic spatial distribution of secondary DLs is also confirmed
by the different degree of relaxation of the strained layers.
Whereas the lower DL density along [110] and the respective
number of tertiary DLs on the interface is insufficient to initiate
the relaxation of initial elastic stress, higher DL density along
[1-10] led to creation of a sufficient number of DLs close to the
epitaxial interfaces for a relaxation of ~5% in the [1-10] direction.
This corresponds to the linear density of tertiary DLs at the bottom
interface of~1.8 x 10 cm .

Despite the increased total number of primary and secondary
DLs in the volume, the calculated vertical coherence length (based
on the FWHM of OSL peak in w-26 scans) is close to the physical
thickness (240 nm), as for the 4+8 nm structure. The unstrained
barrier layers of doubled thickness retained the crystalline proper-
ties of the MQW structures. The barrier layers, serving as a defect
protector, helped to realize defect “healing” after a single deterio-
rated well layer is grown. During growth of further strained-well
layers, these were exposed to fewer extended defects originating
from the previous strained layers.

In the 8+8 nm structure, the density of secondary DLs in the
volume increased to ~6 x 108 cm~2, which is more than an order
of magnitude higher than in the 4+8 nm structure and about half
an order of magnitude higher than for the 8 +16 nm structure. The
spatial distribution of extended defects had no azimuthal asym-
metry. The vertical coherence length was estimated as ~110 nm,
which is ~30% below the 160 nm physical thickness of the MQW
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Fig. 6. Symmetric (004) RSMs for three MQW structures with different MQW period, (a) 4+8 nm, (b) 8+8 nm, (c) 8+16 nm. The streaky vertically running surface truncation
rod suggests high vertical coherence due to low density of edge segments, but laterally elongated diffraction spots indicate high deterioration due to intersecting secondary

DLs and edge segments created in the MQW volume.

structure. The increased thickness of the strained layers led to
higher deterioration of every single quantum well as larger elastic
strain had to be accommodated. In turn, more secondary and
tertiary DLs were created and the density of closing-edge seg-
ments (Lomer dislocations) increased. The latter was manifested in
reduced vertical coherence length as compared to the physical
thickness and relaxation of the initial elastic stress.

In direct comparison, the decrease of the strained layer width
(8+8 nm vs. 4+ 8 nm) reduced the crystalline deterioration more
effectively than increasing the unstrained layer thickness (8 +8 nm
vs. 8416 nm), as defect creation was terminated at an earlier
stage. For a multi-stage defect creation process, this early stage is
characterized by the creation of primary DLs as the main dete-
rioration cause. Increasing the unstrained layer thickness used as
“healing” element, resulted in reductions in the total amount of
PDs created on the growth front and hence to the lower density of
secondary DLs. The likelihood of tertiary DL and Lomer dislocation
formation close to substrate/epi-structure interface and in the
MQW volume was hence reduced. The latter explains why the
extent of stress relaxation decreased from ~ 15% to 0-5%.

4. Discussion and conclusions

The experimental results emphasize that defect creation in
epitaxial growth is a complicated multi-stage process. All types of
60° DLs originate from PDs, created at the growth front. Upon
inward diffusion of PDs they accumulate in pre-dislocation clusters
and finally transform to DLs under secondary elastic stress,
induced by these clusters. In a continuous process, primary and
secondary DLs reconstruct the growth surface for the generation of
tertiary DLs. Creation of these DLs stabilizes the growth procedure.

Three sets of InGaAs/GaAs MQW structures were grown by
MBE and characterized by HRXRD and TEM with regard to their
crystal quality. Probing the influence of the deposition

temperature revealed two distinct deterioration regimes, sepa-
rated by the optimal growth temperature of ~505 °C. Deposition
below this temperature resulted in the creation of primary and
secondary 60° DLs as the main deterioration type, with a decreas-
ing density trend as the temperature was increased and a mini-
mum at the optimal temperature. Elevated temperature led to
InGaAs decomposition and a structural instability of the MQW
growth, forming laterally undulated MQW layers and interfaces.

Increasing the periodicity and total thickness of the MQWs
revealed a cumulative deteriorating effect. The intersection of
already created DLs for continued MQW growth increased the
number of edge segments created at substrate/epi-structure inter-
face and in the volume of the MQWs. The former led to the onset
of relaxation of initial elastic stress, while the latter led to
deterioration of the spatial coherence.

Three distinct stages of defect creation were obtained by
varying the MQW period. While a diminished thickness of the
QW layers (4+8 nm structure) revealed primary DLs as the main
type of deterioration, the 8+16 nm structure led to enhanced
creation of secondary DLs representing the succeeding deteriora-
tion stage. Closing-edge segments were formed at a density on the
substrate/MQW interface not sufficient for noticeable stress
relaxation. The 8+8 nm structure represented an even more
advanced stage of defect creation in which the creation of tertiary
DLs on the interface, and most importantly, their intersection in
the volume of MQW and the location of closing-edge segments
close to epitaxial interfaces were sufficient to initiate relaxation of
elastic stress.
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The optical properties of three sets of InGaAs/GaAs multiple quantum well (MQW) structures grown by
molecular beam epitaxy and previously characterized by x-ray diffraction for crystal perfection were
investigated. The correlations between growth conditions, crystal defects, and optical properties are
discussed. Evaluation of the relative importance of non-radiative Shockley-Read-Hall (SRH) recombina-
tion was carried out according to a method presented herein. The optimal deposition temperature was
determined based on both proper carrier confinement in the nanostructures and the least non-radiative
recombination. Growing below this temperature increased SRH-recombination whereas higher growth
temperatures led to carrier localization in local band edge minima. Varying the MQW periodicity and
MQW period allowed the study of their effects on the strength of SRH-recombination. MQW periodicity
results are explained in the frame of a cumulative deterioration effect with continued epitaxial growth,
while MQW period data shows correlations between relaxation of the initial elastic stress and SRH-

strength. Limitations of the underlying model for SRH-analysis are pointed out.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

High device performance requires optimized growth processes
tailored to the underlying epitaxial structures, in an effort to reduce
crystalline deterioration as a possible origin for device capability
shortcomings [1-3]. In this respect, crystal defects are known to
mediate loss mechanisms [4], to be responsible for leakage channels
[5], and to be roots of device degradation [6]. In the context of
optoelectronic applications, their impact on optical properties has
hence been studied extensively for various material systems.

In the InGaAs/GaAs material system, for instance, it was shown
that dislocation edge segments particularly enhance non-radiative
recombination. The involved carrier states, mediating this loss
mechanism were revealed to be associated with dislocation cores,
and did not originate from spatially separated defect sites [7].

Our x-ray diffraction investigations [8] previously revealed
distinct dependencies of the crystalline properties of InGaAs/GaAs
multiple-quantum-well (MQW) structures on molecular beam
epitaxy (MBE) growth conditions. In this paper, these findings
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are related to conclusions drawn from optical studies. In particular,
non-radiative recombination is assessed by means of a model
developed herein, in order to establish correlations between
growth conditions, crystal quality, and optical properties for the
particular structures investigated herein.

2. Experimental procedure

Three sets of In,Ga; _xAs/GaAs MQW samples were grown by
MBE on undoped (00 1)-oriented GaAs wafers. The first set
consists of four samples grown at varied deposition temperature
475-520 °C, the second set was grown with varied periodicity x 5
and x 10, and finally a third set features a MQW period series of
4+8 nm, 8+8 nm, and 8+ 16 nm. A full description of the growth
conditions and the setup used can be found in the companion
paper [8]. In addition to characterization by means of high-
resolution x-ray diffraction (HRXRD) described therein, optical
properties were examined in various photoluminescence spectro-
scopy (PL) experiments.

Information about the electronic states present in the grown
structures was extracted from temperature-dependent PL measure-
ments. Placed in a He-flow cryostat between 5 and 300K, the
samples were excited with a 632.8 nm HeNe-laser at 10 mW optical
power. The resultant PL transition energies were compared to the
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Fig. 1. Calculated internal quantum efficiency (IQE) based on a conservative low
temperature life time estimate and appropriate B and C parameters [12,13]. Until
the onset of the IQE drop at elevated carrier density n, Auger recombination can be
neglected.

calculated confinement states of carriers in these nanostructures
obtained using self-consistent Schrodinger Poisson methods [9].

Excitation power-dependent photoluminescence spectroscopy
was utilized to characterize the strength of non-radiative recom-
bination in the structures as a result of the defects created during
epitaxial growth. The measurements were carried out at 12 K with
excitation provided by a 376 nm laser diode and power varied over
three orders of magnitude up to 70 mW.

3. Excitation-dependent PL for defect analysis

A model is presented as a means to characterize the strength of
Shockley-Read-Hall (SRH)-recombination based on excitation
power-dependent PL measurements. Fundamental to this model
is a transition of the dominant carrier recombination process from
one type to another depending upon the excess carrier density.
This manifests as a change in scaling of the light output-excitation
power relationship from a square to a linear dependence.

At low temperature and sufficient excitation power, the SRH-
recombination rate per unit volume in undoped structures is given
as Rsgy = A - An, with the SRH-parameter A and the excess electron
density An [10]. Optical excitation creates electron-hole-pairs
An= Ap, (Ap is the excess hole density). In structures without
carefully designed optical cavities, spontaneous radiative recom-
bination occurs at a rate Rspo =B-(An)2, with the spontaneous
emission coefficient B. A third recombination process, Auger
recombination, occurs at the rate Rayger =C - (An)3. with the Auger
coefficient C2. [11]

These recombination mechanisms compete with carrier gen-
eration by the excitation source (power P, wavelength A). The
generation rate G per volume V is proportional to the excitation
power, G(P)=PA/hcV(1—e~*) where h is Planck's constant, c is
the speed of light, a is the absorption coefficient, and d is the
length of the absorption region. At steady state, the rate equation
for these processes reads dn/dt = G—An—Bn?—Cn? = 0. Simplifi-
cations are possible if Auger recombination is neglected. For that

2 In undoped structures held at low temperature the electron density n can be
approximated as n~ An.
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Fig. 2. Sample plot of the emitted PL intensity upon increase of the excitation
power. Two distinct regimes, characterized by square and linear scaling, respec-
tively are identified. The transition occurs at a higher pumping level the stronger
SRH-recombination.

reason a means is introduced to determine from experimental
data if this condition is met. The internal quantum efficiency IQE is
given by IQE = Bn?/ An+Bn?+Cn?. Fig. 1 shows an example of the
calculated dependence of IQE on carrier density n for selected
values A, B, and C. Beyond a plateau within a carrier density range
where radiative recombination dominates, a drop in IQE marks the
onset of Auger recombination as the dominant mechanism. The
external quantum efficiency EQE oc IQE is experimentally accessi-
ble since EQE oc Ip /P, where Ip is the measured PL intensity. Thus
a plot of the quantity Ip; /P versus the excitation power P allows
one to determine the experimentally covered excitation range over
which Auger recombination can be neglected. Indirect semicon-
ductors with a low B parameter are not suitable for investigation
in this manner.

From the approximated rate equation 0 = G(P) —A n(P)— B n(P)?,
in which Auger recombination is neglected, the rate of emitted
photons from the optical volume V is derived as

2
—VR-n(P)2 — A AN? GP)
In(P)=VB - n(PY =VB |~ -+ <ﬁ> = @

Approximation of this equation in low excitation limit
(BG/A<1) and at intermediate level (n~ ./B/G), shows square
and linear scaling, respectively. A sample plot of Eq. (1) illustrates
the two regimes (Fig. 2). At low pumping level, carriers mainly
saturate trap states and only a small portion recombine radiatively.
With increased pumping levels, non-radiative recombination sites
become saturated and radiative recombination of electron-hole-
pairs dominates. The transition between the two regimes occurs
gradually Ip, oc P¥ with a continuously decreasing scaling para-
meter ke (1,2). A particular value of the power at which the
transition occurs can be defined as the excitation level Gr at which
the curves, approximated in the individual limits, intersect. Since
the generation rate at this point is given by Gy =A?/B o A%, the
excitation power at which this transition occurs can be used to
measure the magnitude of the A parameter.

To summarize, excitation power-dependent PL measurements
can be used to detect a transition from square to linear scaling in
the relation between the intensity of the luminescence emitted
from the sample and the excitation power. The higher the
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excitation power at which this transition occurs, the stronger are
the non-radiative processes. Applying this ABG-model allows one
to draw conclusions about how defects created in epitaxial growth
act as non-radiative recombination sites.

4. Results

The quantum confinement states of carriers in MQW nanos-
tructures are studied using PL over a range of temperatures and
excitation powers. The temperature evolution of the PL transition
lines reveals the nature and origin of these states. Ideal behavior
would reproduce the temperature-dependent transition energy
behavior between electron and hole confinement states.

4.1. Effect of different deposition temperature

As described in the companion paper [8], one sample set
consists of x5 MQW structures among which the deposition
temperature was varied. Temperature-dependent PL revealed
Varshni-like temperature dependence of the main PL transition
line for all samples grown at Tgep < 505 °C [14]. An example of the
PL peak dependence on ambient temperature for the structure
with Tgep=505 °C is shown in Fig. 3a. Good agreement with the
calculated transition energy between heavy hole and electron
MQW states (black, dashed) shows ideal carrier confinement in
the nanostructures. The low temperature (12 K) linewidth of the
PL peaks were as low as 8 meV, indicating a low density of defect
centers at which carriers are scattered, which would otherwise
lead to PL line broadening. This range of deposition temperatures
(<505 °C) resulted in high quality Ing,Gagp gAs/GaAs MQW struc-
tures with ideal carrier confinement.

The method described in Section 3 is applied to three samples
with Tgep < 505 °C. The ratio Ip. /P oc EQE vs. P is plotted in Fig. 4 to
validate the assumption of negligible Auger recombination. It is
apparent that the regime in which Auger recombination becomes
significant is not entered, i.e. the EQE does not drop beyond the
plateau as it would at higher excitation as shown in Fig. 1. Hence
the simplified equations of the ABG-model (Eq. 1) can be used for
further analysis.

The change in the scaling parameter k of an Ip_ vs. P curve is a
measure of the SRH-recombination strength. A suitable way to
present this transition is shown in Fig. 5, in which the scaling
exponent k=d log(lp;)/d log(P) is plotted against the excitation
power P. While square scaling corresponds to k=2, linear scaling is
indicated by k=1. The plot of the scaling exponent shows different
onsets of linear scaling over the covered excitation range. The
structure Tgep=>505 °C exhibits linear scaling over the entire excita-
tion range as the scaling exponent scatters around 1. For the structure
grown at 15 °C lower temperature the scaling exponent started off
around 1.2 at the lowest pumping level, decreasing continuously
with excitation power and finally reaching unity. In comparison to
the structure grown at higher temperature, this sample required a
higher excitation power to reach the linear regime. The lowest
deposition temperature sample Tgqep=475°C manifested a high
scaling exponent ~ 1.4 at lowest excitation. Although k decreased
continuously with higher excitation, linear scaling was not observed
in the covered range. The value k=1 is hence likely to occur at even
higher pumping. These measurements showed a gradual increase of
the pumping level at which the linear PL regime is entered as
deposition temperature is decreased, leading to the conclusion that
the strength of non-radiative SRH-recombination increases likewise.

Whereas the structures with Tgep < 505 °C showed Varshni-like
behavior in the temperature-dependent PL experiments as a result
of ideal carrier confinement, the sample with Tgep,=>520 °C devi-
ates in this respect (Fig. 3a). In contrast to the simulated transition
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Fig. 3. a) Temperature-dependent PL signal for two MQW structures with the same
periodicity and period. Whereas the structure grown at Tge,=505 °C reveals a
behavior that follows closely the calculated trend (black, dashed), sample
Taep=520 °C is described by an S-shape curve. b) Characteristic non-monotonic
linewidth temperature dependence and good fit of integrated PL intensity versus
ambient temperature curve to Ip, =Ip/(1+t - exp(T/Tp)) suggest the occurrence of
carrier localization.
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Fig. 4. The shape of the external quantum efficiency (EQE) curve as dependent on
excitation power indicates that Auger recombination is negligible over the covered
pumping range, if compared to Fig. 1.

energy dependence (black, dashed), this sample's PL response
(grey) started off with a photon energy ~50 meV below the
calculated value at low temperature and revealed a non-
monotonic temperature dependence. This particular S-shape
behavior and the non-monotonic variation in peak asymmetry
(compare peak and central wavelength) hint at the localization of
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Fig. 5. Linear scaling occurs at a higher excitation power the lower the deposition
temperature Tgep. High scattering of data points is to be expected as the plotted
quantity (scaling exponent) is based on a differentiative evaluation method.

carriers in local energy minima. Redistribution of carriers among
local minima is a temperature activated process and leads to the S-
shape dependence observed here. Along with the non-monotonic
linewidth behavior and a good fit of the temperature-dependent
PL intensity data to a model proposed by [15,16] (both Fig. 3b) the
results suggest the occurrence of carrier localization. This mechan-
ism has been described previously in various other structures [15-
17]. The identified presence of random band edge fluctuations is
attributed to compound composition variations as a result of
InGaAs decomposition at an elevated deposition temperature
Taep=520 °C.

4.2. Effect of MQW periodicity

This set of samples probes the influence of MQW periodicity on the
optical properties of epitaxial structures. The PL response showed
good carrier confinement in these epitaxially grown nanostructures
with agreement between measured photon wavelength and calculated
confinement states. To compare the influence of defect related
recombination processes, excitation-dependent PL was carried out
according to the ABG-model used above. As was shown above for the
temperature series (Fig. 4), the behavior of the quantity Ip /P was
examined with regard to a possible EQE drop at highest pumping
level, justifying neglecting Auger recombination in the ABG-model.
The scaling exponent dependence on the pumping level is plotted in
Fig. 6 for the samples with different MQW periodicities. It can be seen
that the low-periodicity structure revealed a scaling exponent ~ 1.2 at
the lowest excitation and rapidly transitioned into the linear region. In
contrast, the high-periodicity sample started off with a higher scaling
exponent ~ 1.9 and reached linear scaling at a comparatively higher
pumping level. Based on the ABG-model it can be inferred that trap
state mediated non-radiative recombination is stronger in the x 10
structure. An increase in the periodicity of epitaxial MQW structures
led to a reduced carrier lifetime as a result of more defect sites
involved in SRH-recombination.

4.3. Effect of MQW period

The decrease of the MQW period from 8+ 16 nm to 8 +8 nm of
epitaxial structures is supposed to result in different densities of
defects due to the different amount of total elastic strain.
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Fig. 7. Increasing the unstrained barrier width reduces defect state mediated non-
radiative recombination as apparent from particular scaling exponent behavior shown.

As before, the strength of SRH-recombination was investigated
via excitation power-dependent PL. The evolution of the ratio Ip, /P
confirmed that Auger recombination is negligible over the excitation
power range of interest. A plot of the scaling exponent versus the
pumping level is shown in Fig. 7. It is apparent that the sample with
highest MQW period 8+ 16 nm stays in a linear regime over the
entire excitation range. The saturation of recombination sites in the
epitaxial volume is expected to occur at even lower excitation power.
Reducing the MQW period to 8+8 nm reveals the higher pumping
level necessary to enter the linear scaling regime.

Hence, the reduction of unstrained barrier layer thickness from
16 to 8 nm increased the strength of SRH-recombination consider-
ably. This result, however, has to be put into perspective, as the
limited absorption depth (~ 200 nm [18]) leads to partial excita-
tion and hence examination of only part of the MQW volume of
the structure with MQW period 8+ 16 nm. The substrate/epi-
structure interface, which due to relaxation of the initial elastic
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stress [8] is a probable location of non-radiative recombination
sites, most likely contributes only slightly to the emitted light and
is thus of minor influence in this ABG-experiment because of the
sample's thickness (x 10, 8+ 16 nm). If the scaling exponent
curves of this structure and the x5, 84+8 nm one (the latter
revealing comparatively reduced edge segment density and no
relaxation) are compared, it becomes apparent that non-radiative
recombination is underestimated in the thick structure 8+16 nm.

5. Correlation with crystalline properties

The optical properties of various InGaAs/GaAs MQW structures
studied in this work were correlated with the particular growth
conditions and crystalline properties from prior work as explained
in detail in [8].

In the set of samples grown at varied deposition temperatures,
HRXRD investigations found an optimal growth temperature
Taep=>505 °C for Ing,GaggAs, characterized by smooth MQW
interfaces, minimal dislocation loop (DLs) densities and the least
amount of diffuse scattering in symmetric (0 0 4) reciprocal space
maps. At this value and below (Tgep < 505 °C) the main type of
crystalline defects are 60° DLs with increasing density as Tgep is
decreased. From the optical data, the primary and secondary DLs
at the measured densities (3.0-5.5x10°cm~2 and 1.0-
2.7 x 107 cm~2) still allow proper confinement of charge carriers
in the nanostructures as concluded from temperature-dependent
PL experiments. The strength of non-radiative SRH-recombination
increases along with the density of DLs for lowered T4e, and the
optimal T4ep found in HRXRD experiments coincides with the one
inferred from optical investigations.

Exceeding the optimal Tgep=505 °C revealed a material instability
manifested in InGaAs decomposition and a structural instability visible
as lateral layer thickness undulations in transmission electron micro-
graphs. Both deteriorations cause local effective band gap fluctuations
as both the compound composition and confining layer thicknesses
determine carrier state energies. This correlates with random band
edge fluctuations found in the optical investigations (Fig. 3) that led to
carrier localization in local energy minima.

Varied MQW periodicity from x 5 to x 10 at the same Tgep and
MQW period revealed reduced vertical and lateral coherence, an
increased density of secondary 60° DLs, and visible relaxation of
initial elastic stress up to ~15%. As the densities of edge segments
on the substrate/epi-structure interface and Lomer dislocations in
the volume increase non-radiative SRH-recombination becomes
prominently stronger. This finding was explained as a cumulative
deterioration effect. Denser creation of edge segments close to
substrate/epi-structure interface (tertiary DLs) giving rise to stress
relaxation [19-21] accounts for the denser distribution of defect
states involved in SRH-recombination.

Lastly, a set with different MQW periods, grown at the same
T4ep With common MQW periodicity, showed in its optical proper-
ties the effect of thicker unstrained barriers as defect “healing”
layers while the period was increased from 8 +8 nm (well +barrier
width) to 8+16 nm, in agreement with the conclusions drawn
from HRXRD investigations.

6. Discussion and conclusion

In this work, a method capable of evaluating the strength of
defect state mediated non-radiative recombination was intro-
duced. This ABG-model is based on excitation power-dependent
PL experiments. Its applicability was shown for several InGaAs/
GaAs MQW structures. Limitations of this model were observed for
structures with weak carrier confinement, such as shallow wells

(e.g. GaAs/GaAsg.g2Sboog) or comparatively thick single layers (e.g.
100-500 nm), based on data not presented herein. However, the
proposed ABG-model can be applied to nanostructures with
proper carrier confinement, as typical for, e.g. light emitting diodes
and MQW solar cell structures.

Further, correlations between the crystalline and optical prop-
erties versus epitaxial growth conditions were presented. Investi-
gation of three individual sample sets with variations in
deposition temperature, total MQW thickness, and MQW period,
allowed the creation of extended and optically active defects to be
studied systematically.

The correlation between physical properties, such as the optical
response and crystal perfection, as dependent on growth condi-
tions are of special importance in the development of growth
processes for device applications. In this context, optimization of
the growth procedure and prevention of material quality dete-
rioration improve device performance.
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of them are nucleated on stacking fault defects formed on irregularities in the substrate surface.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

In the past few years, type-Il InAs/GaSb superlattices (T2SL)
photo-detectors have developed quickly. The material and device
performances have improved significantly and large format focal
plane arrays (FPAs) have been demonstrated, especially for applica-
tions in the long-wave infrared (LWIR) absorption band [1]. Despite
the rapid progress, the performance of T2SL infrared detector arrays
reported is limited by their operability (percentage of working
pixels). Using preferential chemical etching and high resolution
microscopies we studied “killer” defects found in our T2SL epi-
layers. We found that defects, having a nail-like shape in high
resolution transmission electron microscopy (HRTEM), were formed
at the T2SL interfaces close to the T2SL-GaSb buffer layer (BfL)
interface. Their density increased with the growth temperature and
the InSb content in the T2SL interfaces but not with the density of
threading dislocations in the BfL. Irregularities in the GaSb substrate
also caused such defects. It seems that the formation of nail-like
defects in superlattice growth is enhanced by the superlattice itself.
This may be due to the local strains within the superlattice, existing
even when the whole structure is lattice-constant balanced by InSb
forced interfaces.

* Corresponding author. Tel.: 972 4 990 2521.
E-mail address: eliweiss@scd.co.il (E. Weiss).

http://dx.doi.org/10.1016/].jcrysgro.2015.03.038
0022-0248/© 2015 Elsevier B.V. All rights reserved.

2. Experimental procedure

The T2SL studied, consisting of 13 ML of InAs and 7 ML of GaSb,
were grown by MBE on 3 in. “epi-ready” GaSb (100) 1°—(111)A
wafers (supplied by WaferTech) with a 0.1 um GaSb buffer layer.
Most of the time we studied structures in which the T2SL layer was
capped with a thinner aluminum-containing superlattice (ALSL) with
15 ML of InAs and 4 ML of AlSb. Both superlattices (SLs) had InSb
forced interfaces for lattice parameter balancing. The material
growths were carried out in a Veeco Genlll MBE system, equipped
with valved arsenic and antimony cracker cells, and indium, gallium
and aluminum SUMO cells. Substrate temperature was measured
with a pyrometer (IRCON 3G-10C05). The BEP V/III ratios were 8 for
InAs, 3.4 for GaSb and 4.8 for AlSb. The growth rate was ~0.5 ML/s.

We studied the defects in the epilayers, revealed by an SCD
proprietary preferential etch, using optical (Nomarski mode) and
scanning electron microscopies, as seen in Fig. 1 for growth at
430 °C. The SCD etch (Fig. 1a) forms large pits around “killer”
defects that can be easily detected with an optical microscope.
These large pits are formed only in ALSL. In T2SL it forms very
small pits that can be detected only at higher magnifications
(Fig. 1b). For comparison we used, sometimes, the etchant pro-
posed by Aifer [2] (Aifer Etch - Fig. 1c). It develops etch pits (EPs)
around few kinds of defects in the T2SL and not only at the “killer”
defects as the SCD etchant.

We used these EPs as markers for the preparation of cross-
section samples for TEM. We also used XSTM (Omicron) to study
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our T2SL structures. High-resolution X-ray diffraction (HRXRD, Jor-
dan Valley QC3) and photoluminescence (PL) measurements were
also performed.

3. Results and discussion

The SCD etch forms a typical pit in the ALSL cap layer around a
“killer” defect as shown in Fig. 2a: the four corner “stars”
appearing in the optical microscopy (Fig. 1a) are revealed as flat-
bottom pits surrounded by steps (due to the SL structure) forming
[110] oriented “double-arrowheads”. In the center of each is a
black rectangular (sometimes covered by debris). Fig. 2b shows
schematically a cross-section in a pit formed in an ALSL-T2SL
structure by the SCD etch: a small and narrow pit in the T2SL, in
the center of the large EP in the ALSL layer. The flat bottom of the
ALSL pit is at the ALSL-T2SL interface. At its center lies a hole
etched in the T2SL as seen also in Fig. 1b.

Fig. 3 shows TEM images around the core of defects shown in
Fig. 2a. At the top we see the etch pit itself (the bright cone). The
dark cylinder below it is the defect, which looks like a nail, with a
constant width from the top of the T2SL epi-layer down to about
the 10th T2SL loop (Fig. 3b1). At that point, the dark cylinder turns
into a dark narrow line which continues down to the T2SL-GaSb
buffer layer interface. Inspection of more defects in the same
epilayer (Fig. 3b2 and other images not shown here) shows that
these transitions (from a column to a line - the tip of the “nail”) lie
at different levels above the T2SL-BfL interface for different
defects. The dark lines end always close to this interface.

Looking closely at the “nail's” tip (Fig. 3c) we see that the dark
line, originating at the T2SL-GaSb interface, is split, as it propa-
gates, to a few thread-like defects in the structure. We did not
reveal any irregularity close to the dark line origin or to where it
splits into the “threads”. Also, at this stage, we cannot say much
about the nature of these dark thread-like lines, although they
may be dislocations.

The main growth parameter affecting the density of the nail-
like defects is the growth temperature. This is shown in Fig. 4:
the high EPD shown in Fig. 1 (~5-10° cm~2) drops rapidly as the

Fig. 2. Shape of etch pits formed by the SCD etchant in an ALSL-T2SL epilayer. (a) SEM
image of the top surface after etching. (b) Schematic illustration of the pit formed in
the structure: a small and narrow pit in the T2SL, in the center of the large etch pit in
the ALSL layer. The flat bottom of the ALSL pit is at the ALSL-T2SL interface.

Fig. 1. Optical microscope in Nomarski mode (a,c) and SEM (b) micrographs of etch pits formed by the two preferential etchants used in this study in epilayers grown at
430 °C. (a) SCD etch in ALSL on T2SL, (b) SCD etch in T2SL epilayer (without the ALSL cap layer), and (c) Aifer Etch in T2SL.



56 O. Klin et al. / Journal of Crystal Growth 425 (2015) 54-59

Fig. 3. HRTEM images of: (a) one of the EPs shown in Fig. 2a; (b) the defects in the vicinity of the T2SL-GaSb buffer layer interface at two magnifications; and (c) high

magnification of the tip of the “nail-defect” of (b1).

growth temperature is reduced. The EPD value stabilizes at 400 °C
on ~5-10% cm~2, slightly higher than the dislocation density in
the GaSb substrates [3,4]. The same type of defects is formed in
ALSL epilayers grown directly on GaSb, only the density of these
defects in them is much lower than their density in T2SL epilayers
grown at the same temperature. Apparently the formation of the
defects is easier in a T2SL than in an ALSL grown on GaSb.

In order to test if the nail-like defects are due to threading
dislocations (TDs), we grew the ALSL-T2SL structure on a virtual

substrate (VS) at a low temperature (400 °C). The VS is a thick
GaSb layer grown on a GaAs substrate. These VSs were found to
have a TD density of ~107 cm~2 [5]. So, if the nail-like defects
were due to TDs we should have gotten an EPD of about 107 cm 2.
However, as can be seen in Fig. 5a, the SCD etch gave low EPDs (in
the 10° cm 2 range), as found in low temperature grown T2SL
layers on lattice-matched GaSb. In contrast, the Aifer Etch (Fig. 5b),
which decorates both dislocations and nail-defects, showed the
expected density of TDs in a T2SL grown on GaAs.
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Fig. 4. The dependence of the EPD (SCD Etch) in T2SL (circles) and ALSL (triangles)
as a function of the growth temperature.

Fig. 5. Optical microscope (Nomarski mode) micrographs of the surface of a T2SL
grown on GaSb on GaAs virtual substrate after SCD etch (a) and Aifer Etch (b). The
EPDs are in the 10°> cm~2 range in (a) and ~107 cm~2 in (b).

A clue regarding the origin of the nail defects was received by
the XSTM measurements of T2SLs grown at different temperatures
(Fig. 6). We found bright triangles near the GaSb buffer layer in
one of the cross-sections in an epilayer with high “nail defect”
density, grown at 430 °C. Since InSb has a bright signature in these
XSTM images, we think that these bright triangles are InSb islands
and that they cause the nails. Indeed, we found (Table 1) that as
we lowered the amount of the InSb in the interfaces of the
epilayers grown at a high temperature, we got a smaller EPD
value. Without InSb at all at the interfaces, the EPD was much
lower °. We hypothesize, therefore, that at high growth tempera-
tures small InSb islands are formed at the forced superlattice

2 As expected, the amount of InSb at the interfaces affected the thickness of the
SL loop, the photoluminescence peak wavelength (ip) and the InSb lattice-
parameter balancing: the XRD peak separation between substrate and layer (A#)
increased as the amount of InSb at the interface was reduced.

Fig. 6. XSTM image of a cleaved T2SL around the T2SL-GaSb BfL interface (lying to
the left of the image). The bright triangles at the GaSb-to-InAs interfaces are
believed to be small InSb islands. The structure was grown at 430 °C.

Table 1

The influence of the amount of InSb in the T2SL interfaces on various epilayer
characteristics: the XRD peak separation between substrate and layer (A9), the
thickness of the SL loop, the 10 K photoluminescence peak wavelength (1p.) and the
density of the pits formed by the SCD etch (EPD).

Interface type A6 [arcsec] Loop thickness [A] Ap [um] EPD [cm 2]

InSb forced 150 59.6 8.8 ~3-10°
InSb forced, thin 570 55.8 71 ~5-10%
Unforced 1225 54.4 6.3 ~5-10°

interfaces, most probably due to the high mobility of the indium
adatoms on the surface or strained-induced InSb melting [6].
Linear defects appear in the vicinity of these small InSb islands
split or and multiply after 5-20 loops of SL transforming into nail-
like defects. The lower defect density in ALSL grown directly on
GaSb (Fig. 4) is due to the higher roughness of the AISb-to-InAs
interface (seen in XSTM images not reproduced here) then the
GaSb-to-InAs interface. The indium adatom mobility on the AISb
surface is, therefore, lower than on the GaSb surface.

We found an EPD “background” level of ~5-10°> cm~2 in epilayers
grown at low temperatures (Fig. 4) and the question is what caused it.
Surface morphology analysis by optical microscopy (before etching)
consistently detected single defects and aggregation of defects asso-
ciated with the quality of the substrate surface. For instance, the
preferential etching reveled many times defects arranged along a
straight line which are due to a latent scratch on the substrate surface.
Fig. 7a shows such scratch-related series of defects after etching with
the SCD etch in an epilayer grown at 400 °C. At high magnification
(Fig. 7b) we can see four of these pits arranged along the straight line.
In the center of each of the four pits we found a stacking fault defect
(SFD). The small black defects, mainly near the SFDs, are the small pits
formed at nail defects in T2SL (see Fig. 2b). At a growth temperature of
440 °C we also detected SFDs, but the density of nail defects near them
was
much higher (image not shown). Nevertheless, at these high tem-
peratures the majority of the nail defects was not related to SFDs as
discussed above.

Fig. 7c is a TEM image obtained after a careful cross-section at the
area shown in Fig. 7b. The SFD is the dark line in the T2SL epilayer (at
54° to the interfaces, i.e. in a {111} plane) and the nail defects are the
perturbations coming out of it (at right angle to the interfaces). It can
be seen that the SFD continues down from the T2SL into the GaSb
buffer layer (the contrast is better in other images not shown here). It
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Fig. 7. (a) Optical (Nomarski mode) micrograph of a series of defects along a scratch defect in the substrate surface revealed by the SCD etch in an ALSL-T2SL-GaSb BfL
structure. (b) HRSEM image of four pits along the “scratch” in (a) showing SFDs (horizontal linear defects) and nail-like defects (small dark rectangles). (c) HRTEM image
from a sample prepared in the area shown in (b). The SFD (dark line) was formed by the white circular particle in the GaSb substrate surface. Three defects nucleated on the

SFD and propagated linearly to the sample surface.

originates at the foreign particle (bright circle) which lies exactly
100 nm below the T2SL-GaSb buffer layer interface. That is, at the
substrate-buffer layer interface. Even at low growth temperatures
linear defects (similar or identical to the high temperature-related
nail-like defects) are nucleated on these SFDs. The “background”
substrate-related killer defects originate, therefore, from particles on
the surface of the GaSb substrates. They may also be due to other
irregularities in the substrate surface, like topographically uneven
surfaces (scratches and voids), or fluctuations in the amount and
composition of the oxide at the surface.

Further study is required to understand the mechanisms of
generation and multiplication of the linear defects from irregularities,
either in the substrate surface or at the SL interfaces, as well as to
explain why these narrow column-like defects do not widen along the
crystallographic planes in the structure. The defects reveled in our
superlattices can be similar to dislocation dipoles [7], screw disloca-
tions [8,9] and micropipes [10] described in previous studies. Never-
theless, it seems that their formation in superlattice growth is
enhanced by the superlattice itself. This may be due to the local
strains within the superlattice, existing even when the whole structure
is lattice-constant balanced by InSb forced interfaces.

4. Conclusions

SCD proprietary etchant reveals “killer” defects in our T2SL test
devices. They are related to both growth conditions and substrate
imperfections. Adjusting these parameters allowed us to reduce
“killer” defects density by several orders of magnitude. Because of
their shape in cross-section HRTEM we named them “nails”. At

high growth temperatures they originate close to the T2SL-GaSb
interface, and develop in size during only few SL loops to a straight
and narrow “column” through the whole structure. At low growth
temperatures most of them are nucleated on stacking fault defects
formed on irregularities in the substrate surface. The formation of
these defects in superlattice growth may be enhanced by the
superlattice itself. This may be due to the local strains within the
superlattice, existing even when the whole structure is lattice-
constant balanced by InSb forced interfaces.
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The effects of unintentional boron contamination on optical properties of GalnP/AlGalnP quantum well
structures grown by molecular beam epitaxy (MBE) are reported. Photoluminescence and secondary-ion
mass spectrometry (SIMS) measurements revealed that the optical activity of boron-contaminated
quantum wells is heavily affected by the amount of boron in GalnP/AlGalnP heterostructures. The boron
concentration was found to increase when cracking temperature of the phosphorus source was
increased. Boron incorporation was enhanced also when aluminum was present in the material.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Fabrication of high-power short-wavelength red-light emit-
ting devices and high-efficiency multi-junction solar cells
requires ability to fabricate high-purity III-V phosphide mate-
rials, such as (AlyGa; )1 _,In,P (denoted as AlGalnP). Molecu-
lar beam epitaxy (MBE) of AlGaInP is a challenging task, not
only because the material contains phosphorus which is a
flammable material and easily generates toxic fumes when
exposed to air and moisture but there are also several extrinsic
atomic species that can generate defects in phosphide materi-
als. This sets stringent requirements for the purity of the
source materials.

One rather well documented source of detrimental extrinsic
defects in AlGalnP is oxygen, which is reported to create deep
levels in the material [1]. In previous studies, oxygen has also been
shown to deteriorate the properties of AlGalnP-based heterostruc-
tures by reducing the carrier lifetime and optical activity [1-8].
The oxygen incorporation into AlGalnP has been shown to be
related to the phosphorus cracker source and notably to the
cracking zone temperature (T..). Therefore, one way to reduce
oxygen contamination in MBE-grown AlGalnP has been to use low
cracking tube temperature [2-4,12]. The recent findings, presented
here, however, indicate that oxygen appears not to be the only
detrimental contaminant whose incorporation into AlGalnP could
be related to Tg,.

* Corresponding author. Tel.: +358 40 198 1076; fax: +358 3 364 1436.
E-mail address: antti.tukiainen@tut.fi (A. Tukiainen).

http://dx.doi.org/10.1016/].jcrysgro.2015.02.048
0022-0248/© 2015 Elsevier B.V. All rights reserved.

2. MBE growth and used measurement techniques

The samples were fabricated using solid-source MBE system
(VG V80) equipped with standard conical effusion cells for group
Il elements and cracker sources for arsenic and phosphorus
(Veeco Mark III). Phosphorus used in the study was manufactured
by Rasa Industries, Ltd. The samples were prepared for growth by
thermal oxide desorption at 620 °C for 10 min. Growth of the
GalnP/AlGalnP QW structure was started by a 100 nm of GaAs
buffer followed by 300 nm of Algs3Ing 47P (hereinafter denoted as
AllnP) and 60 nm of (Algs0Gagso)os2lng4sP waveguide after
which a 5-nm-thick QW of Gag9lngs;P was grown. After the
QW the other half of the waveguide was finalized by 60 nm of
(Alp5Gags)os2lng 48P after which a 100 nm of AlInP was grown.
The layer sequence of AllnP/AlGalnP/GalnP/AlGalnP/AllnP was
used for insuring a good carrier confinement in the quantum
well region. The layer structure was finalized by a 50-nm-thick
Gap 51Ing 40P to prevent the sample surface from oxidation. Growth
rates used in the experiments were 0.5 um/h, 1.2 um/h, 2.0 um/h,
and 1.0 um/h for GaAs, AlInP, AlGaIlnP and GalnP, respectively. The
V/III BEP ratio was about 20 for all the phosphide layers. The
sample temperature was kept at 490 °C for the QW and at ~500 °C
for the other phosphide layers. Growth temperature for GaAs was
580 °C. All four samples had nominally similar layer structure, but
different T, values of 750 °C, 820 °C, 870 °C, and 920 °C were used
during phosphide growth. The samples were grown during one
day so that T, was decreased from the first to the last sample.

The samples were examined using standard room temperature
photoluminescence (PL) to gain information about the effects of T, on
the optical activity of the GaInP QWSs. PL measurements were done
using a commercial RPM2000 photoluminescence mapping tool.
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Secondary-ion mass spectrometry (SIMS) measurements were
done on GalnP/AlGalnP quantum well samples, as well as on
selected AlInP bulk samples to reveal differences in trace element
concentrations between the samples. SIMS measurements were
done using VG lonex IX-70S instrument. 12 keV Cs* and 5 keV O3
ions were used as primary ions for generation of negative and
positive secondary ions. The primary ion currents were 100 nA
and 150 nA for Cs* and O3 ions, respectively. The sputtered areas
were 430 um x 570 pm for Cs* ions and 320 um x 420 um for O5".
Analyzed areas were 10% of the sputtered areas. Depth profiles of a
set of negative and positive secondary ions including the elements
of the host matrix, '>C~, '"H~, 0~, and ""B* were recorded.

3. Experimental results and discussion

Room temperature PL measurements (Fig. 1a) revealed a
QW-related emission peak at ~644 nm irrespective of the phos-
phorus cracking tube temperature. Another weak PL signal was
detected close to 850 nm due to GaAs buffer and n-GaAs substrate
layers. The QW PL peak intensity values were found to reduce
almost exponentially upon increasing T, (Fig. 1b). This behavior
indicates that there has to be a large number of defects generated
in the QW samples as a result of higher T,.

Earlier studies have pointed out that in some cases oxygen that is
present in the MBE growth may be the cause of inferior quality of
AlGalnP when grown at high T [2-4,12]. The present results are
difficult to explain using the previous observations, e.g., the ones seen
in Ref. [3]. Previously, it was found that changing the T from 800 to
900 °C would increase the oxygen concentration of GalnP bulk samples
about 1.5 times [3], which resulted in room temperature PL intensity
reduction to about 1/4 of the original value. However, for the present
samples, the PL intensities dropped almost two orders of magnitude
when T, was increased from 800 to 900 °C. Therefore, SIMS measure-
ments were done to find out whether the cause for the reduction of PL
was of the same origin as in the previous studies. The presence of other
unwanted elements was monitored as well. The SIMS depth profiles for
hydrogen, carbon, oxygen and boron were measured. The normalized
SIMS signal of hydrogen, carbon, oxygen and boron measured in
different parts of the structures are shown in Fig. 2a and b.

The SIMS measurements show that the amount of oxygen
increases upon increasing T up to 820-870 °C, above which, oxygen
concentration decreases in all the layers. The SIMS signal can be
considered to be proportional to the oxygen concentration and this
means that there is ~4-5 times increase in the amount of oxygen in
the QW samples when T is increased from 750 °C to 820 °C. The
observation is well in line with oxygen concentrations measured in 3]

but in clear contrast with the present PL results. The amount of oxygen
even starts to decrease when T, is increased above 870 °C. Therefore,
the conclusion is that oxygen contamination alone cannot explain the
drastic reduction of PL in the GaInP/AlGalnP QWs grown at higher T,.
The SIMS profiles of hydrogen and carbon are very similar in all the
measured samples with not any clear trends, and thus they cannot be
regarded as the cause for the reduced PL intensity.

SIMS profiles were also measured for boron (Fig. 3a). The
profiles reveal that there are substantial differences in the amount
of boron between the samples and between different layers. The
samples exhibit a clear accumulation of boron at the bottom
AlGaInP/AlInP interface and top GalnP/AlInP interface. Also, a
slightly smaller accumulation of boron is observed at the top
AlInP/AlGalnP interface, and furthermore, the concentration of
boron away from the interfaces shows a decaying profile. The
amount of boron is also found to drastically increase with T,.

The SIMS signal of boron, i.e., the amount of boron, in almost all
locations of GaInP/AlGalnP QW samples, appears to be strongly
dependent on the cracking cell temperature and increases almost
exponentially when T, is increased. The only one exception is the
top GalnP which seems to have drastically reduced incorporation of
boron even with the highest T. This indicates that boron incor-
poration is enhanced in AlGalnP by the presence of aluminum.

The main question that arises from the above experimental
results is where the boron contamination is originating from.
Currently the exact cause for the boron contamination in these
samples is not known for sure but some probable reasons are
discussed shortly below.

The first one is that the origin of boron incorporation could be
related to contaminated phosphorus ingot. At higher T, the boron-
containing molecules entering the growth chamber together with
phosphorus molecules would be cracked or activated in the phosphorus
cracking zone more efficiently and therefore the boron incorporation to
the growing crystal would increase exponentially with T.

The second option is that there exist boron-containing or
contaminated parts in the phosphorus source, either in the red
zone, white zone, or in the cracking zone. When heated boron
containing molecules could be evaporated or decomposed leading
to boron contamination. Although boron itself has a very low
vapor pressure at the temperatures used in the cracking zone,
boron could get there in the volatile oxidized form, e.g., B5Os3,
which would have substantial vapor pressure at elevated tem-
peratures. Formation of B,05 in the phosphorus source could take
place via a vacuum leak during operation of the source. Especially,
during white phosphorus conversion process the red zone is
heated to temperatures close to 400 °C, which could promote
formation of B,03 especially if water vapor and oxygen were

Fig. 1. (a) PL spectra for GalnP/AlGalnP quantum wells grown with different T,. (b) PL intensity of GaInP/AlGalnP QW samples grown with different phosphorus cracking

zone temperatures.
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Fig. 2. (a) The SIMS signals for hydrogen, carbon and oxygen in GaInP/AlGalnP QWs and in AlInP layers with different values of T. (b) The normalized SIMS signal of "'B*
(SIMS signals of boron are normalized to the phosphorus signal in each sample) at different interface locations as a function of T,.

Fig. 3. (a) The SIMS profiles for Boron with different values of T... Two measurements per sample were taken. The sample structure is drawn to the figure to show the
interfaces between the layers. (b) The evolution of PL intensities of GaInP/AlGalnP QWs over seven months of growths. System openings/maintenance points are marked
with A and B. All the QW samples had similar layer structure and T, was 920 °C except for the ones that are specifically mentioned. Altogether 185 IlI-V arsenide and
phosphide samples including bulk layers, QW samples and laser structures were grown during the seven months.

present in the system. There is also a possibility that P4Og
contamination of phosphorus source described earlier by Hoke
and Lemonias [13] could lead to formation of phosphoric acid
which etches PBN when heated [14].

The third possible route for boron incorporation is related to
vacuum parts and materials used in the MBE system. For example,
some of the viewport glasses are made of borosilicate materials and it
has been found earlier that in silicon MBE it is possible to have boron
contamination of Si films if such vacuum viewports are used in the
system [10]. Even some older papers describing boron contamination
of Si in vacuum by a reaction between borosilicate glassware and
water vapor have been presented [11]. The boron contamination in
Ref. [11] was found to depend on the water vapor in the system and
B,0s-rich surface of the glassware. The contamination was even found
to be rather insensitive to the surface temperature of the glassware.

Unfortunately, it is impossible to confirm or rule out the first
option because the SIMS measurements were done long time after
the phosphorus ingot had been fully used and thus no phosphorus
ingot material was left for SIMS analysis. There is however, some
evidence that contamination of the red zone could be part of the
problem. The PL evolution data, shown in Fig. 3b, indicate that after
loading new phosphorus (point marked with B) the PL intensity
rapidly increases and settles to a level which, at the time was
acceptable but not top class, within one month. The increase of the
PL intensity could be related to natural recovery of the growth
chamber and the phosphorus source after opening. Also, additional
SIMS measurements (described in detail on the next page) done on
separate AlInP bulk layers point to the direction that phosphorus
flux was responsible for the elevated boron levels.

The third option is quite unlikely but there is also some evidence in
favor of that as well. The PL intensity of similar GaInP/AlGalnP samples

grown during a seven month time span was monitored and it was
found out that after one maintenance operation (marked with A in
Fig. 3b) the PL intensities started to increase almost exponentially from
one growth to another. This could indicate that the one major source
of contamination was removed from the MBE system and that the
system started to recover itself. The part that was removed from the
system was an old viewport window. If the viewport was the reason
for boron contamination, then most likely, other parts of the system
were still contaminated with boron-containing molecules even after
removing the window and the effects seen when T, was increased
could be due to heating the boron-contaminated areas of the system,
and thus, enabling further contamination of the films.

To clarify whether the boron contamination originated from the
vacuum system, additional SIMS measurements (Fig. 4) were done
on AlInP films grown in the same MBE system equipped with two
different phosphorus cracker sources; a new one and the old one
which had been chemically cleaned. The crackers were kept at
Ter=920 °C during both growths. Additionally, the old cracker source
did not have any shutter installed in the port, and therefore, any
boron originating directly from the old cracker tube or areas nearby
would have been seen also in the films grown using the new cracker.
The SIMS analysis indicated that the films grown using the new
cracker did not contain boron or boron concentrations were below
the detection limit. Instead, the samples grown using the chemically
cleaned cracker source exhibited a small but clearly elevated signal of
boron. This result also suggests that the source of boron contamina-
tion was not related to the vacuum parts and materials but to the
phosphorus flux coming from the cleaned old cracker source.

There exist very few published literature on the effects of boron in
AlGalnP. In one published work, it was shown that boron implanta-
tion induces a deep mid-gap level at 0.9-1.0 eV in GalnP [9]. This
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Fig. 4. An additional SIMS measurement done on AlInP bulk samples grown using
different P-sources.

deep level acts as a very efficient carrier compensation center. The PL
results obtained here could reflect a presence of a similar type of
defect that acts as an efficient recombination center. Interestingly, the
energy of the boron-generated mid-gap level is close to some of the
deep levels observed in GalnP materials that were grown with high
Ter [3,12]. Unfortunately, in [3,12] boron was not measured and thus
direct comparison cannot be made. Also, because boron is an
isoelectronic impurity in AlGalnP, it should not as such generate
deep levels but boron could form complexes with other types of
defects which then could act as recombination centers. More detailed
studies on the characteristics and origin of the boron impurities
found in GalnP/AlGalnP heterostructures are currently underway.

4. Conclusions

We have studied the cause for phosphorus cracking tube
temperature dependent reduction of PL intensity in GalnP/AlGalnP

quantum well structures. The origin of the reduced PL intensity is
related to enhanced boron incorporation when higher cracking
tube temperatures are used during growth of AlGalnP layers. The
exact origin of the source of boron contamination remains cur-
rently unresolved and new research is needed to clarify the issue.
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We investigated a high-quality novel AllnSb buffer layer to increase the electron mobility of an InSb
quantum well (QW) structure, which was grown on a (1 0 0) GaAs substrate by molecular beam epitaxy.
We achieved high electron mobility in the InSb QW structure using an Alg2sIng75Sb/Alg1sInggsSb
stepped buffer layer and realized reduced compressive strain and improved surface roughness. In
addition, we investigated the dependence of the Aly,slng7sSb layer thickness in the Algasing7s5Sb/
Alg15Ing gsSb stepped buffer layer on the electron mobility characteristics. We only obtained increased
electron mobility using the Alg2sIng7sSb layer within a critical thickness range.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

High electron mobility transistors (HEMTs) belonging to the IlI-V
group are the most promising devices that can operate in the
millimeter- and sub-millimeter-wave frequency ranges. So far, these
devices have been improved by size scaling and channel engineering
to increase electron velocity using indium-rich channel. However,
progress in the cutoff frequency (f7) in the last 10 years has not been
so rapid: 562 GHz in 2002 using an Ing;Gag3As channel layer with
gate length (Lg) of 25 nm [1], 688 GHz in 2011 using an Ing7Gag3As
channel layer with L, of 40 nm [2], and 710 GHz in 2013 using an
Ing7Gag 3As/InAs/Ing 7Gag 3As channel layer with Ly of 60nm [3].
Meanwhile, InSb has the highest electron mobility in the IlI-V group
compound semiconductors. Therefore, HEMTs that use InSb for the
channel is expected to be the next-generation ultrafast low-power-
consumption devices [4,5]. However, the performance of InSb
HEMTs remains in the early stages yet, e.g., the record for fr in
2005 was 340 GHz with L, of 85 nm [6], because of the absence of a
reliable technique for device process and the large lattice mismatch
(~14.6%) between the InSb and the GaAs substrate. Because of the
latter, the epitaxial growth of InSb-related materials has tend to
involve high-density threading dislocation and self-interface rough-
ness, which affect the transport characteristics of two-dimensional
electron gas in the InSb channel. High electron mobility has been
reported with the reduction of microtwin defects and threading
dislocation by introducing AllnSb/InSb strained-layer superlattice
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using 2° off-axis GaAs(0 0 1) substrates and so on [7-10]. Another
reason is that the effective mass (m) of the InSb channel is increased
by the compressive strain from the AllnSb buffer layer [4,5]. In the
present study, we investigate a high-quality novel AllnSb buffer layer
to increase the electron mobility of the InSb channel. We show that
the electron mobility of an InSb quantum well (QW) structure is
increased using an AlgsIng75Sb/Alg5InggsSb stepped buffer layer,
which reduces the compressive strain in the channel. In addition, we
investigate the dependence of the Aly,slng;sSb layer thickness in
the AlgsIng75Sb/Alg15InggsSb stepped buffer layer on the electron
mobility. The increase in electron mobility is only observed when
using the Alg2slng7s5Sb layer within a critical thickness range.

2. Experiment

The samples were grown on a (100) semi-insulating GaAs
substrate by molecular beam epitaxy (MBE). Fig. 1 shows the
schematic structures of the InSb QW. Structure (a) has a 3-pm-
thick AlysIng7sSb buffer layer on 250-nm-thick AlSb/3.5-nm-thick
low-temperature (LT) AlSb/15-nm-thick GaAs layers. Structure
(b) has a 50-nm-thick A10_251n0,755b/3—pm—thick Alojslno_gssb
stepped buffer layer on 250-nm-thick AISb/3.5-nm-thick LT-AISb/
15-nm-thick GaAs layers. Structures (a) and (b) have a 3-nm-thick
InSb cap layer, a 25-nm-thick Alg2sIng7sSb barrier layer, a Te-sheet-
doped Alp2sIng75Sb supply layer, a 5-nm-thick Algslng75Sb spacer
layer, and a 20-nm-thick InSb channel layer on the buffer layers. The
substrate temperatures (Ts) for LT-AlISb, AlSb, Al,In;_,Sb, and InSb
growths were 455, 530, 455, and 455 °C, respectively. The growth
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rates of the AISb, Aly5InggsSb, Algasing75Sb, and InSb layers were
277, 549, 587, and 413 pm/h, respectively. The substrates were
rotated at approximately 8 rpm during the MBE growth.

Table 1 shows the critical thickness (h.) of the InSb channel in
Structure (a), and the InSb channel layer and the Alg2slng7sSb
buffer layer in Structure (b), which are calculated on the basis of
the Matthew’s equation [11]. The parameters used in the calcula-
tion are also shown in Table 1. Here, we assume simply that the
Alg>sIng 75Sb buffer layer in Structure (a) and the AlgislnggsSb
lower buffer layer in Structure (b) are lattice-relaxed completely.
These show that the 20-nm-thick InSb channel and the 50-nm-
thick Alg»5Ing 75Sb buffer layers in Structure (b) are lattice-strained
and both those lattice constants parallel to the (100) plane
coincide with that of the Alg;5InggsSb buffer layer.

3. Results and discussion

Fig. 2 shows the relationship between m and strain ratio (&)
along the [00 1], [1 0 0], and [0 1 0] axes for the InSb layer, which is
calculated using the empirical pseudo-potential band calculation
with rigid-ion approximation [4,12]. Here we assume that the InSb
layer is on (10 0) substrate and its lattice constant parallel to the
(1 0 0) plane is the same as that of the substrate (as). Then the biaxial
strain is applied on the InSb layer by the substrate. g/, is defined as
£=(ap—as)/as, where aq is an original lattice constant without the
strain. The lattice constant perpendicular to the (100) plane is
calculated by the elastic theory [13]. We can see that the compressive
strain (g, <0) yields a larger m and the tensile strain (g,>0) a
smaller m. In Structures (a) and (b), the compressive strains are
applied to the InSb-QW channel layers by the buffer layers, and m
then becomes larger. The thickness of the Alg3slng;sSb layer in
Structure (b) is within the critical thickness range. Then, &), of the

Fig. 1. Schematic structures of the InSb-QW with (a) Alp2sIng 75Sb buffer layer and
(b) Alp2sIng 75Sb/Alg15Ing g5Sb stepped buffer layer.

InSb-QW channel layers are estimated roughly to be —13% and
—0.8% for Structures (a) and (b), respectively. Consequently, m in
Structure (b) is expected to be smaller than that in Structure (a).

Fig. 3 shows the (51 1) and (4 0 0) plane X-ray reciprocal space
maps (RSMs) of Structures (a) and (b). As shown in the (51 1) plane
X-ray RSM, the Q, value of the InSb channel layer almost coincides
with that of the Alg;5Ing75Sb buffer layer in Structure (a), and the Qy
value of the InSb channel layer almost coincides with those of the
Alg1sInggsSb and also Alg»sing7sSb buffer layers in Structure (b).
Meanwhile, the Q, value of the InSb channel layer in the (40 0)
plane X-ray RSM increases in Structure (b). From these results, we
estimate the £, values of the InSb channel layers, which are —1.2 %
in Structure (a) and —0.9 % in Structure (b), respectively. Then, we
confirm that the strain in the InSb channel layer in Structure (b) is
reduced compared with that in Structure (a).

Fig. 4 shows the surface images of the InSb-QW structures where
Structure (a) is Alpaslng7sSb and Structure (b) is Algaslng7s5Sb/
Alg1slnggsSb stepped buffer layers on the GaAs substrates, as
observed by an atomic force microscope (AFM) in 20 pm x 20 pm
and 500 nm x 500 nm scales. The root-mean-square (RMS) values of
the surface roughness of Structures (a) and (b) are 0.36 and 0.14 nm,
respectively. From these results, we also found that the surface
roughness of the InSb-QW structure is significantly improved using
the AlgsIng75Sb/Alg15Ing g5Sb stepped buffer layer. The effect of the
Alg>sIng75Sb/Aly15Ingg5Sb stepped buffer layer on the dislocation
and defect densities will also be described elsewhere.

Fig. 5 shows the electron mobility (#) and the sheet carrier
density (N;) of the InSb-QW structures by Hall measurement. The y
values at room temperature of Structures (a) and (b) are 11,200 and
16,500 cm?/(V s), respectively (an increase of 47%). Meanwhile, the N,
values of Structures (a) and (b) are 1.1 x 10'? and 1.2 x 10> cm~2,
respectively. These results suggest that the Alg»s5Ing75Sb/Alg15Ing.g5Sb

Fig. 2. Relationship between effective mass m and strain ratio /.

Table 1
Critical thickness (h.) of InSb channel layer in Structure (a) and InSb channel layer and Ajp2sIng75Sb buffer layer in Structure (b). Parameters used in the calculation are
also shown.
he f b v A 2
Structure (a) InSb channel on A 3slng 75Sb buffer layer 25 0.00804 45813 0.286 920 0
Structure (b) InSb channel on Ag>5Ing75Sb/Alg15InggsSb buffer layer 49 0.00481 45813 0.284 90 0
Ao.25Ing 75Sb layer on Alg1sIng gsSb buffer layer 81 0.00320 4.5206 0.290 90 0
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Fig. 3. (51 1) and (4 0 0) plane X-ray RSM of Structures (a) and (b).

stepped buffer layer is beneficial in increasing u of the InSb-QW
structure. The Monte Carlo simulation shows that the u of InSb layer
increases by about 10% as changing &, from — 1.3% to —0.8%, because
of the decrease in m [12]. Therefore, the increase in y using the
Alg25Ing 75Sb/Aly15Ing gsSb stepped buffer layer is thought to come
from the strain reduction and also the improvement of the crystalline
quality including the surface roughness.

Then, we investigate the dependence of the Alg;sIng7sSb layer
thickness below the InSb-channel layer on the u characteristic.
Fig. 6 shows the schematic sample structures. The Alg;5Ing75Sb
layer thickness below the InSb-channel layer are varied as 0, 20,
50, 100, and 200-nm thick, respectively, for Structures (c)-(g).

These samples have a 500-nm-thick Alg5Ing gsSb layer, a 750-nm-
thick graded Al,In; _,Sb (x=0.40—0.15) layer and a 500-nm-thick
Alg_40Ing 60Sb layer below the Alg,5Ing 75Sb layer.

Fig. 7 shows the (51 1) plane X-ray RSMs for Structures (c)-
(e) and (g). The Q, value of the InSb channel layer approaches from
the position of Alg5Ingg5Sb to Alg2slng 75Sb as it transforms from
Structure (e) into Structure (g). Then, the Alg,sing,5Sb layer is
obviously lattice-relaxed when its thickness is 200 nm.

Fig. 8 shows the surface images of the InSb-QW structures of
Structures (c)-(g) by AFM for 20 pm x 20 pm and 500 nm x 500 nm
scales. The RMS values of Structures (c)-(g) are 0.24, 0.15, 0.14, 0.35,
and 0.22 nm, respectively. Then, we confirm that the surface
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Fig. 4. AFM images of InSb-QW Structures (a) and (b). RMS values of the surface roughness for (a) 0.39 nm and (b) 0.14 nm.

Fig. 5. Electron mobility and sheet electron density of Structures (a) and (b).

roughness is improved using the Aly,sIng75Sb layer within the
critical thickness range, such as in Structures (d) and (e).

Fig. 9 shows the y and the N; values of Structures (c)—(g) by
Hall measurement. The p values of these structures are 14,482,
15,399, 15,333, 15,107, and 13,202 cm?/(V's), respectively. The
N; values are 1.35 x 10'2, 1.29 x 10'?, 1.28 x 10'?, 1.25 x 10'?, and
1.19 x 10'2 cm~2, respectively. We find that the i and the N; values
gradually decrease when the Alg,5Ing 75Sb layer thickness exceeds
the critical thickness.

4. Summary and conclusions

We have demonstrated the increase in electron mobility of
the InSb QW structure on a (100) GaAs substrate using the
A10A251n0_755b/Al[)A]SlnoAgssb Stepped buffer layer. The A10A25[r10.755b/
Alg15InggsSb stepped buffer layer has reduced the electron effective
mass in the InSb channel by reducing the compressive strain and has
improved the surface roughness. Consequently, the electron mobility
of the InSb QW structure improved from 11,200 to 16,500 cm?/(V s)
using the Alg»sIng75Sb/Alg15InggsSb stepped buffer layer. Additionally,
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Fig. 6. Schematic structures of InSb-QW with (c¢) 0-nm, (d) 20-nm, (e) 50-nm, (f) 100-nm, and (g) 200-nm-thick Alg>5Ing75Sb/500-nm-thick Alg15InggsSb stepped buffer layers.

Fig. 7. (51 1) plane X-ray RSM of Structures (c)-(e) and (g).

Fig. 8. AFM images of InSb-QW Structures (c)-(g). RMS value of the surface roughness for (c) 0.24 nm, (d) 0.15 nm, (e) 0.14 nm, (f) 0.35 nm, and (g) 0.22 nm.
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Fig. 9. Electron mobility and sheet carrier density dependence of Structures (c)—(g).

we found that the thickness of the Alyyslng7sSb layer in the
Alg2sIng 75Sb/Alg15InggsSb  stepped buffer layer is crucial for high

electron mobility, i.e., the electron mobility and sheet carrier density
gradually decrease when the thickness of the Alg,slng7sSb layer
exceeds the critical thickness. In conclusion, a well-designed Algzs
Ing.75Sb/Alg15Ing gsSb stepped buffer layer will be useful in increasing
the electron mobility of InSb-QW structures.
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Modulation doped metamorphic Ing75Gag25As/Ing 75Alp 25As quantum wells (QW) were grown on GaAs
substrates by molecular beam epitaxy (MBE) with step-graded buffer layers. The electron mobility of the
QWs has been improved by varying the MBE growth conditions, including substrate temperature,
arsenic over pressure and modulation doping level. By applying a bias voltage to SiO insulated gates, the
electron density in the QW can be tuned from 1x 10" to 5.3 x 10" cm~2. A peak mobility of
43%10°cm?V~'s~! is obtained at 3.7x 10" cm~2 at 15K before the onset of second subband
population. To understand the evolution of mobility, transport data is fitted to a model that takes into
account scattering from background impurities, modulation doping, alloy disorder and interface

roughness. According to the fits, scattering from background impurities is dominant while that from
alloy disorder becomes more significant at high carrier density.

© 2015 Elsevier B.V. All rights reserved.

—

. Introduction

In,Ga, _,As/In,Al; _As quantum wells (QWSs) are attractive
because of the low electron effective mass, large g-factor, large
Rashba spin-orbit coupling and highly transmissive metal-semi-
conductor interface at high indium composition compared to
GaAs/AlGaAs [1]. It also provides a way of varying these para-
meters by changing the composition of the indium.

However, when compared with its counterpart GaAs/AlGaAs, there
is a fundamental issue regarding growth. There is no lattice matched
substrate for growing InGaAs except for Ings3Gag.47As/INg52Alp 48AS on
InP. Researchers have incorporated graded InGaAs or InAlAs layer to
grow high percentage InGaAs on InP or GaAs [2-4]| and managed to
achieve control of dislocation propagation due to strain [2,4-6].
Virtually strain-free, defect-free layers can be achieved through the
use of step-graded buffer layers with compositional “overshoot” [5].
An electron mobility of 2.9 x 10° cm? V~'s~! was obtained at 4.0 x
10" cm—2 [5].

Scattering mechanisms in relaxed and strained InGaAs/InAlAs
quantum wells have been studied by several researchers [1,2,7].
Their research has shown that scattering from background

* Corresponding author.
E-mail address: cc638@cam.ac.uk (C. Chen).
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impurities limits the mobility at lower carrier densities, scattering
from alloy disorder becomes more important at higher carrier
densities. Capotondi et al. [1] reduced the impact of alloy disorder
by inserting binary InAs into the quantum well. Understanding
how each scattering mechanism influences the total mobility is
crucial when attempting to further improve mobility in InGaAs
which could make the realisation of spin and/or Josephson FETs
possible [8,9].

In this paper, we present a transport study on a series of wafers
grown under different conditions with nominally the same layer
structure to investigate the difference in mobility. AFM (Atomic
Force Microscope) images of the free surface are used to provide
supplementary information of the surface or interface morphol-
ogy. The transport measurements were performed at 1.5 K. The
mobility fits were using the theory provided by Gold [10]. This
work aims to understand the influence of different scattering
mechanisms and therefore, make possible suggestions for further
improvements to the layer structure or growth conditions.

2. Experiment

The quantum wells studied in this paper were grown by solid-
source molecular beam epitaxy (MBE) using a Veeco Gen III system on
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Ing 75Gag ,5As Cap 2 nm
Ing 75Aly,5As 45 nm
Si : Ing 55Al, ,sAs Modulation Doping 15 nm
Ing ;5Aly ,5As Spacer 60 nm
Ing 75Gag ,sAs Quantum Well 30 nm
Ing ;5Aly ,5As Buffer 250 nm

INgsq gsAlAs Step-Graded Buffer 1300 nm

GaAs/AlAs/GaAs Buffer 50/75/250 nm
GaAs Substrate

Fig. 1. Schematic layer structure of Ing75Gagp25As/Ing.75Alp 25As quantum wells.

3 inch semi-insulating (001) GaAs substrates that are indium-free
mounted. A schematic layer structure adapted from [5,11,12] is shown
in Fig. 1. Arsenic dimers (As,) rather than arsenic tetramers (As,) are
used to try and reduce antisite defects at the low growth temperatures
used (330-420 °C) [13]. Three growth parameters, substrate tempera-
ture (Tg), arsenic over pressure (Pys,) and Si modulation doping level
(Ns;) were adjusted to improve the electron mobility in this structure.
T was measured using a kSA BandiT system [14] and where possible
also with an optical pyrometer. Tz was set at the start of the graded
buffer layer growth and not intentionally further altered during the
growth. Growth temperatures quoted throughout this work refer to
those measured by BandiT unless specified.

After oxide removal and degassing, the GaAs/AlAs/GaAs buffer
was grown at 580 °C. Then the substrate temperature is ramped
down over a period of 20 min before growing the step-graded
buffer (SGB) layer. The step-graded buffer layer was grown at six
different starting substrate temperatures: 416 °C, 390 °C, 360 °C,
341°C, 331°C and 337 °C. The first growth temperature was
chosen according to Simmonds' study [12] where the growth
temperature for devices grown on InP substrates was optimised.
The quantum wells are grown at slightly higher substrate tem-
peratures as the substrate becomes more absorbing during
growth. To alter the indium composition in the structure, the
aluminium cell temperature is ramped down while the indium cell
temperature is ramped up rapidly at the start of each layer in the
SGB sequence. To change the arsenic over pressure, the needle
valve in the arsenic cell was adjusted and the pressure is measured
by the beam flux gauge prior to growth. The nominal growth rate
is kept the same (around 1.0 pm/h) throughout the structure.
Growth was interrupted to stabilise the In cell to grow the 75%
InAlAs buffer. This interruption introduces the possibility of
impurity accumulation [12], therefore a further 250 nm InAlAs
layer is grown afterwards to separate the impurities from the
conduction channel. The first sample was grown undoped to
replicate the growth condition in [12], however it did not conduct
without illumination at 1.5 K. The remaining 5 wafers were then
modulation doped to ensure conductance in the dark. The mod-
ulation doping concentration is controlled by altering the Si cell
temperature. The major differences in growth conditions are
highlighted in Table 1.

The AFM images are taken with a Veeco Dimension 3000 SPM
(Scanning Probe Microscope) and Nanoworld pointprobe. The size of
the scanned area is 10 x 10 pm? which is large enough to be
representative of the surface morphology. High Electron Mobility
Transistors (HEMTs) were fabricated using standard wet chemical
etching. AuGeNi alloy was used for Ohmic contacts, PECVD Silicon
dioxide (100 nm) for insulator and thin NiCr (20 nm) for transparent

Table 1
Growth detail.

Wafer no. W0401 WO0402 WO0413 W0414 W0435 WO0436
Ts (°C) 416 391 360 341 331 337
Tp (°C) 470 462 437 431 428 429
Pas, (x 10 5torr) 1.2 12 14 14 12 1.0
Ns; (x 107 em=3) 0 23 23 23 1.8 18

Tg/Tp: Substrate temperature measured by BandiT/Pyrometer at the start of SGB/
QW growth; Py, : As, Beam Flux; Ng;: Si Modulation Doping Level.

gate. The chips were taken from the same position on each wafer.
Shubnikov-de Haas oscillations and Hall effect are measured at 1.5 K
to obtain electron density and mobility.

3. Result and discussion
3.1. AFM

The morphology of the free surface is studied as an indirect
reference to the buried Ing75Alp25As/Ing 75Gag 25As interface, since
we assume that the lattice is fully relaxed according to [11] and the
surface undulation results from the misfit dislocation network
buried in the buffer layer [5]. The digitisation lateral step size of
the following images is 20 nm.

As seen in Fig. 2, the surface grown at the highest temperature
Fig. 2a has the roughest morphology with long 3D islands due to
the tensile strain during crystal growth [15]. When the tempera-
ture is decreased from 416 °C to 390 °C the size of the islands
reduces, with a further decrease of the growth temperature, the
islands become less visible but more aligned. The surface begins to
show the well-known cross-hatched pattern. A change from 3D
growth mode (Fig. 2a and b) to 2D growth mode (Fig. 2c-f) and a
corresponding reduction, by a factor of 3, of the RMS value can be
seen when the growth temperature is decreased. This is because
the surface diffusion length is reduced and therefore the layer-by-
layer growth regime is extended [15].

The surface morphology is clearly anisotropic. The islands seen
in 2a and 2b are elongated along [110]. There are striations aligned
to [110] in other samples. The period of surface oscillation appears
to be crystallographic direction dependent. This difference in
surface undulation was also observed previously [5,16,17].

3.2. Transport

Fig. 3 shows the electron mobility (x) as a function of electron
density (nyq) for Ing75GagosAs quantum wells. Electron density
was varied by applying a gate voltage from the beginning of 2DEG
depletion to the saturation of electron density. In Ref. [12], the
growth at 410 °C showed the highest mobility. In the present set of
wafers, sample grown at a similar temperature (W0401 at 416 °C)
did not conduct without illumination. The mobility of W0401
(416 °C) is only comparable with the crystal grown at 470 °C
(Fig. 3 in [12]) but with slightly higher carrier densities. Extra
carriers in W0401 could come from unintentional dopants from
the thicker buffer layer compared with InGaAs QWs grown on the
InP substrate [12]. The growth temperature at the quantum well
region in W0401 is 470 °C which is a comparable growth tem-
perature in [12]. Therefore, the two samples have similar mobility
although based on different substrates.

The fact that the surface morphology of wafer W0401 is rough
and does not conduct in the dark indicates that it has been grown
at a too high temperature. In order to improve the surface
morphology, the growth temperature was lowered to 391 °C when
growing the next wafer WO0402. Modulation doping was
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Cc

Fig. 2. 10 x 10 pm? AFM images show significant improvement in surface morphology when decreasing the growth temperature. The z-axis scale is adjusted to be 100 nm in
each image for comparison. The root mean square (RMS) roughness value, given in the caption, is averaged from 5 images taken from different positions on the wafer:
(a) 416 °C (14.25 nm); (b) 391 °C (14.19 nm); (c) 360 °C (4.68 nm); (d) 341 °C (5.33 nm); (e) 331 °C (4.98 nm); and (f) 337 °C (4.92 nm).

Fig. 3. Electron mobility as a function of electron density at 1.5 K.

implemented to make the wafer conduct in the dark. As shown in
Figs. 2 and 3, the surface morphology and the mobility of W0402
improved comparing with W0401, but it is not comparable with
that presented in [1]. The growth temperature was further
reduced to 360 °C and the arsenic over pressure was increased in
W0413 which lead to significant improvements in both morphol-
ogy and mobility. Although a further reduction in growth tem-
perature in W0414 (341 °C) did not improve surface morphology,
it did improve the mobility. High arsenic over pressure would
improve the surface morphology, however, it may introduce more
background impurities. Steps to improve the mobility were then
made by controlling the scattering from ionised impurities, redu-
cing the arsenic over pressure and the modulation doping level as
for W0435 while keeping the growth temperature at roughly the
same level (10 °C lower at the start of SGB and 3 °C lower at the
beginning of QW). The arsenic over pressure was further reduced
in WO0436 while maintaining the growth temperature. The

mobility of W0435 and WO0436 is similar over whole density
range except that W0436 shows a slightly higher peak mobility
around 4.3 x 10°cm? V~'s~! at 3.7 x 10" cm~2. Transport data
from WO0436 will be discussed in more detail in the following
sections.

In all wafers, the y increases monotonically with n,q to its peak
value; a decrease is seen in mobility above a critical density (n.) in
the four wafers the density of which reaches 3.4 x 10'! cm~2. This
decrease was also observed by Capotondi in their undoped relaxed
structures [1] and Ramvall in their strained structures [7]; how-
ever, only two of the best mobility structures showed an increase
in mobility after the minimum mobility. This feature, due to the
second-subband population, is confirmed by multiple frequencies
in the Shubnikov-de Haas oscillation as shown in Fig. 4. Fast
Fourier transform performed at different carrier densities demon-
strates the evolution of the second subband. The electron density
in the first subband (F1 in Fig. 4) is constant while that inside the
second subband increases as the total density increases. No clear
beating effect is observed in the Shubnikov-de Haas effect nor
spin-splitting in the FFT. Therefore, the multiple frequencies in the
Shubnikov-de Haas effect are not due to the Rashba effect but due
to the second subband population [18].

Using a magnetic field modulation technique [19], the Rashba
coefficient (cr) was measured to be 0.7 + 0.1 x 10~ ! eV m in W0436
where peak splittings in the FFTs can be quantified. This corre-
sponds to an energy splitting of 1.6 meV at the Fermi energy. The
detailed measurement is not included in this work. The asymmetry
of the confining potential in the doped wafer does not enhance the
Rashba coefficient compared to the nominally undoped wafers
grown on InP in the authors' previous work [19]. Although modu-
lation doping changes quite dramatically the symmetry of the con-
fining potential, the spin-splitting in a quantum well system is mai-
nly determined by the band offsets with the barrier material, not
the electric field in the z-direction [20].

There are three main scattering mechanisms operating in these
structures: ionised impurity scattering, alloy disorder scattering
(AD), and interface roughness scattering (IR) [21]. The ionised
impurity scattering can come from the background impurities (BG)
or the modulation doping (MD). An example fit is shown in Fig. 5
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(left). There are some reports about charged dislocations acting as
scattering centres [6,16], however the mobility in these samples is
only 50,000cm?V~!'s! at 3.6x10"cm~2 Consequently,

Fig. 4. (a) A representative longitudinal resistance measurement on W0436 shows
multiple frequencies in the Shubnikov-de Haas oscillations; the inset shows the
low field region in more detail; (b) Fast Fourier Transform results from Shubnikov-
de Haas oscillations at different densities by changing the gate voltage in
enhancement mode (F1 and F2 are the first and second subband). The legends
are carrier densities obtained from the Hall measurement slopes which agree well
with densities calculated from FFT.

scattering from charged dislocations is not considered in this
paper since a study on a similar structure has demonstrated a
defect-free conducting layer and the mobility in this work is
comparable with that of [1].

Single scattering mechanism fitting is done first to extract the
reasonable range of the parameters, the background impurity level
Np, the activated dopants level Np, the alloy disorder potential Vg4,
the interface correlation length A and the average height of the
surface A. V4 will be the same for each wafer since the alloy
composition is identical among them. We assume that the dopant
activation rate is the same across this set of wafers. According to
[22], we assume that at the doping level in this paper, Si is fully
activated with an activation rate of 1. Scattering from MD is not the
limiting scattering mechanism since the mobility limited by MD is
one magnitude larger (see Fig. 5). Therefore to simplify the fitting
procedure the data using only BG and AD was carried out
according to [1]. The extracted parameters are summarised in
Table 2. By assuming the scattering from interface roughness is not
significant, background impurity levels extracted from the fitting
are very sensitive to changes in growth temperature and arsenic
over pressure. One example fit is shown in Fig. 5 (right). As a
comparison, the fitting that considers all four scattering mechan-
isms is presented in the same diagram. R-squared value has been
calculated from 1.7 x 10" cm~2 to 3.8 x 10" cm~2 for these two
fittings, the value from the four-mechanism fitting is 0.9573 and
that from the two-mechanism fitting is 0.8386, therefore the four-
mechanism fitting is more representative of the experimental
data. Consequently, even though scattering from IR is not domi-
nant, it has a significant contribution to the total mobility.

The four-mechanism fitting is applied to the four high density
wafers. The results are shown in Fig. 6 and the parameters used

Table 2
Fitting parameters only considering background impurities and alloy disorder.

Wafer no. Background impurity level Alloy disorder potential
Np (cm?) Vaa (eV)
W0401 (416 °C) 3.7 x 10'® 0.2
WO0402 (391 °C) 29x10'° 0.2
W0413 (360 °C) 6.5x 1015 0.2
W0414 (341 °C) 5.8 x 10" 0.2
W0435 (331 °C) ~56x10'5 0.2
W0436 (337 °C) <56 x 101 0.2

Fig. 5. Left: fitting example of taking Interface Roughness (IR: 4, A), Modulation Doping (MD: Np), Alloy Disorder (AD: V,4), and Background Impurity (BG: Np) scattering into
consideration; right: comparison of two fittings: one with four scattering mechanisms (R>=0.9573) and the other with only two of them (BG and AD, R*=0.8386).
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Fig. 6. Four mechanisms fitting of all four wafers, the fitting parameters are listed in Table 3. The straight line is a fit to the data.

Table 3
Fitting parameters used in Fig. 6.

Wafer no. MD BG AD IR

Na(em™®)  Ng(em™®)  Va(eV) A(A) 4 (A)
W0413 (360 °C) 2.3 x10"7 55 %105 0.3 300 6
W0414 (341 °C) 2.3 x10"7 48 x10"° 03 300 6
W0435 (331 °C) 1.8 x10"7 45 %x10'° 03 100 3
W0436 (337 °C) 1.8 x10" 49 x10%° 03 12 3

MD: Modulation Doping; BG: Background Impurities; AD: Alloy Disorder; IR:
Interface Roughness.

are listed in Table 3. The average height is chosen to be a multiple
of the thickness of one monolayer. To be noted, the parameters for
interface roughness are not taken from the AFM information. Since
the lateral resolution of AFM is limited by both digitisation step
size and the tip size which are 20 nm and 10 nm in this study,
respectively. This is 2 orders larger than the lattice constant of
InGaAs. A good fit can be made to each set of data by adjusting the
background impurity level and the interface roughness. The
extracted alloy disorder potential is 0.3 eV which agrees with the
result, around 0.3 eV, reported by [7] for Ing;5Gag,sAs however
smaller than the value (0.5 eV) reported by [5]. The extracted
background impurity level is of the order of 10'> cm 3. The fitted
data agrees well with the experimental data from around
1x 10" cm~2 to the point where the second subband populates.
At the low density end where neither fitting method applies, the
mobility is dominated by percolation which can only be fitted
using metal-insulator transition theory [23]. At the high density

Fig. 7. Anisotropy of mobility in two different crystallographic directions at 1.5 K
which is present at all gate voltages.

end where the second-subband populates (see Fig. 4), the mobility
is limited by inter-subband scattering. The scattering from back-
ground impurities is dominating the whole density range, while
alloy disorder scattering becomes increasingly important as the
carrier density increases. To extract more accurate growth para-
meters, a further study has to be carried out to verify the
assumptions made in this work, eg. relaxation of the crystal during
growth.

It is interesting to see that all these wafers show anisotropy in
mobility. The measured mobility difference in both direction on
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WO0436 is shown in Fig. 7. This had been observed by many
researchers [24,17,7]. This could result from a number of reasons
such as interface roughness, indium concentration modulation or
anisotropic ordering appeared in the structures. In this work, the
mobility anisotropy appears to follow the surface morphology
anisotropy: the higher mobility is along [110] which has larger
undulation period. To verify the factors that account for this
phenomenon, a more detailed study is required.

4. Conclusion

The growth conditions for modulation doped Ing;5Gag2sAs/
Ing75Alp25As quantum wells on GaAs were studied. A sample
grown under 1.0x107°torr arsenic over pressure with
1.8 x 10" cm > modulation doping at 337 °C has the highest
mobility. A peak mobility of 4.3 x 10° cm? V~' s~ ! is obtained at
3.7 x 10" cm~2 at 1.5 K with a gated structure. The SiO, insulated
gates provides high reproducibility and low hysteresis from
depletion to ~ 5 x 10" cm~2. We have demonstrated a promising
fit to experimental data using Gold's model considering four
different scattering mechanisms, background impurities, modula-
tion doping, alloy disorder and interface roughness scattering. We
estimate the alloy disorder potential to be around 0.3 eV and the
background impurity level of the order of ~10'> cm~3. This could
be used as a method to extract growth parameters [23] if the
growth conditions or the layered structure is designed in a
systematic way. Anisotropy in surface morphology and mobility
is observed in all wafers. The Rashba coefficient calculated in these
structures is similar to that in undoped structures. Although
modulation doping enhances the asymmetry across the quantum
well, the measured Rashba coefficient is insensitive to this con-
firming the theory presented in [20].
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We investigated difference in the transport properties between Al 1IngoSb/InSb and Alg1Ing oSb/InAsg1Sboo
quantum wells (QWs). The resistivity of InSb QWs increases exponentially with decreasing temperature,
while that of InAsg;Sbps QWS is much lower than that of InSb QWs, showing low resistivity even at low
temperature. Energy band diagram calculations of InAs,Sb; _/Aly1IngoSb quantum wells (QWs) revealed
that the bottom of the conduction band of the InAs,Sb;_, well moves downward with increasing As

content x. The bottom of the InSb QWs lies above the Fermi level (Ef), resulting in depletion of the QW,
while that in InAsgiSbpg QWs lies under Er at low temperature. These calculation results support the
experimental difference of the resistivity and sheet carrier density between two types of the QWs well.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Two-dimensional electron systems (2DES) using narrow-gap
semiconductors are important for high-speed devices, infrared dete-
ctors, highly sensitive magnetic sensors and spintronic applications
because of high electron mobility and large effective g-factor. Among
the binary narrow-gap IlI-V semiconductors, InSb has the smallest
band gap and the highest intrinsic mobility. When Sb atoms are
partially substituted by As atoms in InSb, InAs,Sb; _, with x < 0.7 has
a smaller band gap than InSb [1]. Hence, the InAs,Sb;_, has a
possibility of overcoming a limit of IlI-V device performance in terms
of high speed and quantum effects because of small effective mass.
However, the lattice mismatch between InSb and GaAs which is the
widely used substrate for epitaxial growth of InSb and InAs is very
large (~ 14%). The defects at the interface due to the lattice mismatch
are known to cause the decrease of mobility [2,3]. In order to reduce
or eliminate the lattice mismatch, we used the QW structure with a
thick buffer layer and a cap layer of Aly;InggSb, which has a lattice
constant close to InSb and also with insulating property. The lattice
mismatch between Aly;IngoSb and InSb is only about 0.5% [4], and
that between Alg;IngoSb and InAsg;Sbgg is achieved to 0% [5].
Therefore, we grew InSb quantum wells (QWSs) of Aly1IngoSb/InSb/
Alg1IngoSb/GaAs substrate and InAsg;Sbpg Qws of Alg;lnggSb/

* Corresponding author at: The Noguchi Institute, 1-8-1 Kaga, Itabashi, Tokyo
173-0003, Japan.
E-mail address: shibasakii@goo.jp (I. Shibasaki).
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InAsg1Sbgo/Alg1IngoSb/GaAs substrate by using MBE, and their tran-
sport properties under magnetic field and Hall sensor applications
were studied [4-12]. These QWs show the marked improvement of
transport properties compared with InSb thin films directly grown
on GaAs. On the other hand, we found a large difference in the
transport properties between the InSb and InAsy;Sbgg QW5 at very
low temperature. The sheet resistivity of InSb QWs is much larger
than that of InAsg;Sbgg QWs, although the compositional difference
of these QWs is only 10% As substitution of Sb.

In this paper, we studied systematically the well-width depen-
dence of carrier density of InSb and InAsgSbgg QWs sandwiched
by Alg1IngoSb insulating layers grown on GaAs substrates by MBE.
Especially, the difference of transport properties of both QWs is
discussed in conjunction with their band diagrams. The band-
diagrams of these quantum wells were calculated. It was revealed
that the difference of low temperature transport properties must
be caused by the corresponding difference of band-diagram of
these QWs due to their composition.

2. Experimental procedures

The samples were grown by using MBE (V100 production scale
MBE system by VG Semicon). The sample structure is GaAs cap
(6.5 nm)/Alg1IngoSb cap (50 nm)/InSb or InAsg;Sbgg active layer
(Lw)/Alg1IngoSb buffer (700 nm)/GaAs (100) substrate, which is
shown in Fig. 1. The layer structure is the same except the active
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layer for both QW samples and barrier layer and cap layer are
fixed. The substrate is a semi-insulating GaAs and all layers are
undoped. The well width (L) of the active layer is 15-100 nm.
The lattice mismatch at the hetero-interface between the barrier
and active layers is 0.5% for InSb QW and 0% for InAsg1Sbgg QW.
The quantum well was achieved by optimizing the As,/Sb, flux
ratio under the MBE growth. Hall effect was measured at room
temperature (RT), 77, and 4.2 K to estimate the carrier density. In
order to eliminate the persistent-photoconductive effect on a
sample, it was shielded from irradiation and kept in the dark at
room temperature (RT) at least overnight, after setting it on the
sample holder.

The band diagrams were calculated using a one-dimensional
Poisson-Schrédinger solver, called “nextnano” [13]. We assumed
in calculation that the surface state was pinned in middle of the
gap of the GaAs cap layer and GaAs substrate because of the Fermi
level pinning effect, and it did not take into account the strain of
the lattice. The GaAs substrate was undoped and the thickness was
set to 0.3 mm.

3. Results and discussions

The effect of lattice mismatch reduction is shown in Fig. 2,
where the electron mobility of the InSb QWs and InAsSb QWs at
77 K is plotted with respect to well width. The mobility of the
InAsSb QWs is much improved, compared with the InSb QWs.
Thus, the effect of lattice mismatch reduction is very large.

Fig. 3 shows the typical temperature dependence of sheet
resistivity of InSb and InAsg;Sbgg QWSs with a 70-nm-thick active
layer. The resistivity of InSb QWs increases remarkably with low-
ering temperature, while that of InAsy;Sbpg QWSs shows a small
increase below RT, but does not rise very much even at low
temperature. Additionally the resistivity of InAsg;Sbgg QWS is much
smaller than that of InSb QWs for whole temperature range. Thus,
sheet resistivity of the two types of QWs is quite different in spite of
the little difference in As contents only by 0.1. Moreover, it cannot be

GaAs cap layer 6.5 nm

AllInSb 50 nm

InSb or InAsSb L,

AlInSb 700 nm

GaAs substrate (100)

Fig. 1. Sample structure of InSb and InAs,Sb; _, quantum wells.
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Fig. 2. Electron mobility of InSb QW and InAsSb QW at 77 K.

explained by the difference of the electron mobility at very low
temperature.

The Ly dependence of the sheet carrier density is shown in Fig. 4.
The sheet carrier density at RT reduces with decreasing thickness for
both InSb and InAsSb QWSs. However, it is clearly seen that the sheet
carrier density of the InSb QWs is smaller than that of the InAsg;Sbgg
QWs. On the other hand, at 77 K sheet carrier density of both QWs
does not show thickness dependence. The value of carrier density of
both QWs is almost comparable at 77 K. For InSb QWs, it is expected
that there are almost no intrinsic electrons in conduction band, and
electrons in conduction band must be of other origin which may
come from the defects from hetero-interface at InSb/AlInSb. At 4.2 K,
we cannot measure the sheet carrier density of the InSb QWs
because of the hopping transport. On the other hand, surprisingly,
the sheet carrier density of the InAsSb QWs at 4.2 K is almost same as
that of 77 K. This difference in sheet carrier density at 4.2 K is imp-
ortant and the problem is to be understood.
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Fig. 3. Temperature dependence of sheet resistivity of InSb and InAsg;Sbgo QWs
with a well width of 70 nm.
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In order to investigate this carrier density difference, we intended
to calculate the band diagrams of these QWSs concerned with As
composition. Fig. 5 shows the energy band diagrams for InSb and
InAsSb QWs with respect to As content x; x=0 (InSb QW), 0.1 (our
InAsg1Sbos QW), and 0.3. The barrier layer was Alg;IngoSb, the Ly of
the active layer was 50 nm, and the calculated temperature was 4 K.
The results clearly showed that InSb QW (x=0) shows a type I QW
structure, and the bottom of the conduction band of InSb QWs is
above the Fermi level (Eg). When intrinsic electrons are not excited at
low temperature, the well will be depleted. For InAsg;Sbog QW
(x=0.1), the band diagram changes from type I to type Il because of
increasing band offset between the active layer and barrier layer, and
the bottom of conduction band of the QW becomes under Eg. There-
fore, the InAsg;Sbgg QWS are not depleted even at very low temp-
erature. These results support the experimental results that the
carriers of the InAsSb QWs still remain at low temperature, and the
sheet carrier density at 4.2 K is almost the same as that at 77 K. Thus, it
clearly explains the difference of the resistivity and carrier density
between InSb and InAsSb QWs. Therefore, we concluded that the
carrier density difference comes from the difference in the band
diagram between the two kinds of QWSs. These facts suggest us a
control method of the carrier density of the GaAs/InAs,Sby_,/
Alp1IngoSb/GaAs (substrate) QW by varying the As content x, which
is different from doping method. Additionally, the calculation of band
diagram showed that the QW changes into the type III structure when
x=0.3. Thus, the calculation of the band diagrams of the GaAs/
Alg;IngoSb/INAs,Sby _x/Alp1InpoSb/GaAs (substrate) QWs showed the
transfer from type I to type Il via type Il with increasing As content x.
The bottom of the conduction band of the QW becomes lower with
increasing x (addition of As to the QW layer), and finally, it lies under
Fermi level Er.

The temperature dependences of the calculated energy band
diagrams for the InSb and InAsg;Sbgg QWs with thickness of
70 nm are shown in Fig. 6. For InSb, the band gap increases with
decreasing temperature, and then the bottom of the InSb well
gradually rises, but not so much. As a result, for InSb QW, bottom
of the conduction band is far from the Fermi level Er at very low

InAs,Sh,, QW L,,=70nm
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Fig. 5. Energy band diagrams for InSb and InAsSb QWs with respect to As content
x; x=0 (InSb QW), 0.1 (our InAsg1Sbgs QW), and 0.3. The well width is 70 nm. The
calculated temperature was 4 K.
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Fig. 6. Temperature dependence of the calculated energy band diagrams for the
(a) InSb QW and (b) InAsg1Sbpg QW. The well width is 70 nm.

temperature, since intrinsic electrons are not excited and then the
well becomes depleted. This means that the resistivity of InSb QW
at very low temperature will be extremely a high value or diverges,
which corresponds to experimental result shown in Fig. 3. In
contrast, the bottom of the conduction band of the InAsg;Sbgg
QWs is under Er at all temperatures, which means that the
InAsg1Sboo QW is not depleted and sufficient conduction electrons
exist even at very low temperature. Therefore the sheet resistivity
of the InAsy;Sbpo QWS remains small at very low temperature,
which is different from that of the InSb QWs. These results are
consistent with the experimental results.

4. Conclusion

In summary, transport properties of InSb and InAsy;Sbge QWSs
were investigated covering a wide range of well width and the band
diagram of the GaAs (cap layer)/Alg;IngoSb/InAs,Sb _/Alg1Ing oSb/
GaAs (substrate) QW with x=0-0.3 was calculated. The band
diagram calculation revealed the origin of the small sheet carrier
density and high resistivity of the InSb QWSs. We found that the
bottom of the conduction band of the InSb QWs is above the Fermi
level, so that the well is depleted at low temperature. On the other
hand, the bottom of the conduction band of the InAsy;Sbgg QWs is
under the Fermi level, and these QWs show low resistivity even at
low temperature. The results of this study will be useful for
designing InAsSb-based QW devices and applications.
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InAs nanowires surrounded by Al,Ga; _,Sb shells exhibit a change in the band alignment from a broken
gap for pure GasSb shells to a staggered type II alignment for AlSb. These different band alignments make
InAs/AlGa; _xSb core-shell nanowires ideal candidates for several applications such as TFETs and
passivated InAs nanowires. With increasing the Al content in the shell, the axial growth is simulta-
neously enhanced changing the morphological characteristics of the top region. Nonetheless, for Al
contents ranging from 0 to 100 % conformal overgrowth of the InAs nanowires was observed. AlGaSb
shells were found to have a uniform composition along the nanowire axis. High Al content shells require
an additional passivation with GaSb to prevent complete oxidation of the AISb. Irrespective of the lattice

mismatch being 1.2% between InAs and AlSb, the shell growth was found to be coherent.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

The combination of different semiconductor materials into low-
dimensional heterostructures offers new possibilities ranging from
fundamental physics [1] to devices being suitable for “More than
Moore”. For the latter, especially tunnel field effect transistors (TFETSs)
are considered as ideal candidates since they allow a subthreshold
slope of less than 60 mV/dec with a high on and low off current [2].
Here, TFETs make use of either a staggered or even a broken band
alignment. IlI-V semiconductors belonging to the 6.1 A family (InAs,
GaSb and AISb) cover the different types of band alignment [3] and are
therefore suitable materials for TFETs. Additionally, the low lattice
mismatch ( < 1.2%) results in low dislocation density or even coherent
growth. Taking such devices into the nanowire (NW) geometry should
even enhance the region of coherent growth due to improved strain
accommodation [4]. Applying classical Matthews-Blakeslee theory [5]
to InAs/GaSb and InAs/AISb results in critical thicknesses of 20 nm and
10 nm, respectively.

While several NW-TFET devices based on the broken gap InAs/
GaSb system have been demonstrated [6,7], staggered InAs/AlGaSb
TFETs have been limited to planar structures [8,9]. However, Knoch
and Appenzeller [10] showed that the staggered band alignment with
an Al content of about 60% should result in the best performance.
Considering InAs NWs embedded in high Al content shells, the large
electron barrier of up to 1.35 eV can significantly enhance the electron
mobility due to reduced surface scattering [3,11,12]. Therefore, this in-
situ passivation of InAs NWs with an almost lattice matched shell is of
particular interest for high-mobility devices.

* Corresponding author. Tel.: +49 2461 61 2732; fax: 449 2461 61 2333.
E-mail address: t.rieger@fz-juelich.de (T. Rieger).
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In this context, we present the growth, morphological and
structural analyses of InAs/Al,Ga,_,Sb core-shell NWs with Al
contents varying from 0 to 100% using molecular beam epitaxy.

2. Experimental details

Si (111) substrates were cleaned in hydrofluoric acid to remove
the native oxide and absorbents. A thin silicon oxide was subse-
quently prepared wet chemically by placing the samples for 60 s in
hydrogen peroxide. Hereafter, they were loaded into the molecular
beam epitaxy (MBE) system and degased at 200 °C and 400 °C in
the load lock and buffer chamber, respectively. After introduction
in the MBE chamber, additional outgasing at 600 °C takes place
and subsequently, the temperature was lowered to the growth
temperature of the InAs NWs being 490 °C. Vapor solid InAs NWs
were grown with an In rate of 0.035pum/h and an As, beam
equivalent pressure of 10~°>mbar for 1h [13]. Hereafter, the
substrate temperature was decreased to 360 °C keeping the As
shutter open. After reaching this temperature, the As shutter was
closed and the Sb shutter was opened 2 min prior to the Ga and Al
shutters. The Sb flux was set to 7 x 10~7 mbar and the total flux of
the group Il elements was kept constant at a planer growth rate of
0.1 pum/h. If not mentioned differently, the growth duration of the
shell was 60 min resulting in shell thicknesses of ~20-25 nm.
These growth conditions have been previously determined to be
optimal for GaSb shells covering InAs NWs [14]. Considering
planar growth, the critical thickness according to Matthews-
Blakeslee is 20 nm for GaSb and decreases to 10 nm for AISb.

The grown samples have been analyzed by scanning and
transmission electron microscopy (SEM and TEM). In the latter
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one, also energy dispersive x-ray spectroscopy (EDX), selective
area electron diffraction (SAED) and high angle annular dark field
(HAADF) have been used. High resolution TEM (HRTEM) images
were filtered by applying a mask to the fast Fourier transform
(FFT) maintaining solely the {111} lattice planes.

3. Results and discussion

Fig. 1 shows overview SEM micrographs of InAs/Al,Ga;_,Sb
core-shell NWs with x ranging from O to 1 in steps of 0.2. For all Al
contents, the NWs have uniform dimensions, no clustering is
observed. The only remarkable difference is found at the top of
the NWs. For pure GaSb shells, a platform develops at the top,
having a flat facet as well as a diameter expansion compared to the
rest of the NW. The InAs NW itself does not have this flat facet but
arounded or tapered shape [14,15]. By increasing the Al content in
the shell, the platform slowly vanishes and the flat top facet
transforms into a rounded and faceted top similar to the pure InAs
NW. The transition from a flat to a tapered shell occurs roughly in
the region of 40-60% Al, however, it might also depend on the
growth time of the shell. The flat top facet for GaSb shells can be
attributed to a low growth rate of the {111}B facet compared to the
{110} and {211} facets, the diameter expansion to radial growth
occurring on zinc blende (ZB) GaSb inducing additional twins [14].
Contrary, when pure AISb shells are grown, the growth rate of the
{111}B facet is higher than that of the {110} and {211} facets. In this
sense, using TEM micrographs the length of the axially grown
GaSb was measured to be ~ 0 nm while it increased to ~50 nm,
~80 nm and ~95 nm for x=0.2, 0.6 and 1, respectively. Consider-
ing axial growth solely be caused by direct impingement, an
axially AlGaSb segment of 100 nm would be expected. Thus, the
presence of Al reduces the adatom mobility and therefore favors
the axial growth of Al,Ga; _,Sb.

The successful and homogenous incorporation of Al into the
shells was confirmed by EDX line scans, two exemplary scans are
shown in Fig. 2 together with bright field TEM images. Fig. 2a and
b is taken from a core-shell NW with a nominal content of 20% Al
As can be seen, the Al signal in the EDX line scan is very weak, but

could be clearly identified in the spectra. The TEM image being
acquired from the <211 > zone axis shows very smooth surfaces
and interfaces. No evidence of phase separation or an inhomoge-
neous alloy is found. The thickness of the native oxide of the
Alp>GaggSb shell is in the same range as that of pure GaSb shells,
i.e., 3-4 nm. However, an increase of the Al content in the shell to
60% significantly increases the thickness of the native oxide being
in the range of 8-10 nm (not shown). This is in fact a direct
evidence for the incorporation of a higher amount of Al which has
a stronger tendency for the formation of a native oxide layer.
Consequently, an additional thin GaSb cap layer was grown around
InAs/AlGa; _,Sb core-shell nanowires with Al contents above 20%.
Fig. 2c and d depicts the TEM micrograph and corresponding EDX
profile for an InAs/Alg sGag 4Sb core-shell nanowire. As seen in the
TEM image, the native oxide thickness is again in the order of
~4 nm and a corresponding delayed onset of the Al signal in the
EDX profile is found. The Al/Ga is significantly higher than in
Fig. 2b, thus the amount of incorporated Al in the shell increased.
This not only proves that the thin GaSb shell prevents oxidation of
the underlying AlGaSb, it is also a first demonstration of a multiple
core-shell system based on arsenides and antimonides.

However, although the incorporation of Al into the shell is
proven, the actual composition of the AlGaSb shell might vary
along the growth axis. This can be caused by a temperature
gradient along the nanowire axis [16,17] or different adatom
diffusion lengths for Ga and Al. Consequently, EDX spectra were
acquired at different positions along the nanowire axis of a core-
shell nanowire with an AlyGag4Sb shell. In order to compensate
for thickness variations and sample drift, the intensities of Ga and
Al were normalized to that one of Sb. The TEM micrograph, HAADF
image as well as the corresponding EDX profile displayed in Fig. 3
show a uniform shell thickness along the NW axis as well as a
relatively uniform composition. Slight variations should rather be
caused by the limited time used to acquire the spectra than by a
temperature gradient or differences in the adatom mobilities.

When pure AISb shells are grown, the necessity of a GaSb cap
preventing oxidation becomes even more evident. A pure, nominally
20 nm thick AISb shell oxidizes completely if not protected by a GaSb
cap. This can be clearly seen in the HAADF image in Fig. 4a with its

Fig. 1. SEM micrographs of InAs/Al,Ga; _,Sb core-shell NWs with Al contents of 0, 0.2, 0.4, 0.6, 0.8 and 1 in (a), (b), (¢), (d), (e) and (f), respectively. All scale bars are 500 nm.
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Fig. 2. TEM micrographs acquired from the <211 > zone axis of (a) InAs/Alp>GaoggSb and (c) InAs/AlgsGag4Sb core-shell NWs. EDX profiles shown in (b) and
(d) demonstrate the incorporation of Al into the shell as well as a GaSb cap layer on the InAs/AlygGag 4Sb core-shell NW.

superimposed EDX profile. As obvious, a strong signal corresponding
to oxygen is detected. The shell is entirely amorphous while the InAs
core is still crystalline (see Fig. 4b). Due to the addition of oxygen, the
thickness of the shell increases significantly to around ~40 nm.
However, no peel-off of the shell is observed which makes it possible
to use the oxidized shell as a passivation or gate dielectric. By adding
an additional GaSb shell around the AISb shell, the oxidation can be
circumvented. This can already be seen by the EDX profile shown in
Fig. 4c, being superimposed over a HAADF image. At the NW edges,
intensity peaks belonging to Ga and Oxygen can be seen, both having
similar extents. Hereafter, the Oxygen signal in the EDX spectra sinks
drastically, indicating only a thin oxide. The thickness of the GaSb cap
can be approximated both from the EDX profile as well as the HAADF
image (bright edges) to about 4-5 nm, being in agreement with a
growth time of 15min and a planar growth rate of 100 nm/h,
considering also the NW and MBE geometry. The absence of an
oxidized AlSb shell is further evidenced by the TEM image depicted in
Fig. 4d. Clearly, the crystalline structure of the NW with stacking faults
and twins continues from the core to the NW edge, with a thin native
oxide layer only. The contrast allows estimating the AISb shell
thickness to be in the range of 25-30 nm, i.e, more than twice as
high as the critical thickness in planar systems. Due to the high density
of stacking faults and twins being present in vapor solid grown InAs
NWs, the analyses of misfit dislocations becomes difficult when NWs
are evaluated from the <110 > zone axis. By tilting the NWs into the
<211 > zone axis, contrast arising from stacking faults and twins
disappears. Nonetheless, misfit dislocation, i.e. extra or missing planes
in the <111 > direction, will still be visible [14]. Consequently, Fig. 4e
and f depicts HRTEM images from the <211 > zone axis. The AlSb
shell thicknesses are about 10 and ~ 25 nm, respectively, thus just the
critical thickness and above. For the 10 nm thick shell (Fig. 4e) the
contrast arising from the core and shell can clearly be seen, the
interface is smooth. A native oxide of about 4-5 nm is detected, which

Fig. 3. (a) TEM image and (b) HAADF image of an InAs/Alp sGag 4Sb core-shell NW,
(c) EDX profile taken along the NW axis with Ga and Al intensity normalized to the
Sb intensity. The EDX profile demonstrates a uniform shell composition along the
NW, the homogenous shell thickness can be seen in the HAADF image.

is limited to the additional GaSb shell. As expected due to the low
lattice mismatch as well as small shell thickness, no misfit dislocations
are detected. However, even by increasing the shell thickness to
~25 nm, a thorough analysis of TEM images did not reveal any misfit
dislocations. Exemplarily, a HRTEM image is shown in Fig. 4f, the
interface from InAs to AlSb is marked by the white line. Also after long
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Fig. 4. InAs/AlISb core-shell nanowires. (a) HAADF image with superimposed EDX profile demonstrating complete oxidation of the shell when not covered by a GaSb cap
layer. (b) Bright field image of the same NW showing the amorphous, 30-40 nm thick shell. (c) HAADF image with superimposed EDX line scan of an InAs/AISb/GaSb core-
shell NW. The thin GaSb cap prevents the underlying AlSb from oxidation. As seen, by the EDX profile, the oxidation is limited to the GaSb shell. (d) Bright field TEM image
from the < 110 > zone axis of an InAs/AISb core-shell NW with 20-25 nm thick shell. (e) HRTEM micrograph from the < 211 > zone axis of a ~ 10 nm thick shell. (f) HRTEM
image from the <211 > zone axis revealing the interface for a 20-25 nm thick shell and its FFT-filtered image in (g). White lines in (f) and (g) indicate the InAs-AlSb

interface.

shell growth times, the interface appears to be smooth, indicating only
a low temperature induced intermixing. In order to examine the
presence of misfit dislocations, HRTEM images were filtered using only
the {111} reflections in the FFTs. The FFT-filtered image of Fig. 4f
showing only the {111} planes is displayed in Fig. 4g. By following each
of the {111} planes from the InAs core into the AISb shell and searching
for terminating planes, possible misfit dislocations can be identified.
Similar as in the image in Fig. 4e, no terminating planes and therefore
no misfit dislocations were found. Thus, coherent growth in a core-
shell NW system is achieved significantly exceeding the critical
thickness of planar structures. Similar as for InAs/GaSb core-shell
NWs [14], the critical thickness in NWs is at least twice as high as for
planar systems. Here it should be mentioned that this is even the case
for relatively thick NWs such as that one shown in Fig. 4c. There, the
InAs core has a diameter of about 175-200 nm. This further demon-
strates the excellent suitability of core-shell NWs of various dimen-
sions for the dislocation-free integration of lattice mismatched
material systems.

Although the second GaSb shell was used as a protection layer for
the AISb only, a thicker GaSb shell might also provide a radial hole
gas, confined by the type I band alignment between GaSb and AlSb.

4. Conclusions

InAs/Al,Ga; _,Sb core-shell NWs with an Al content dependent
staggered or broken gap band alignment were successfully grown
by self-assisted MBE. The presented NW structures are potential
candidates for future TFETs and the in-situ passivation of InAs
NWs. For high Al content shells, an additional thin GaSb cap was
found to be crucial in order to prevent a strong oxidation of the
AlyGa; _,Sb shell. A 4 nm thick GaSb shell limits the oxidation to
the GaSb, keeping the AISb shell non-oxidized. Despite of the

maximal lattice mismatch of 1.2% between InAs and AlISb and shell
thicknesses of more than 20 nm, misfit dislocations have not been
detected making the 6.1 A family ideal for NW devices.
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The effects of doping with silicon (Si) AlGaAs layers grown by molecular beam epitaxy on GaAs (6 3 1)-
oriented substrates as a function of the arsenic pressure (Pas) is presented and compared with layers
grown on (10 0) oriented substrates. The surface texture of the AlGaAs (63 1) films is composed by
nanogrooves, whose dimensions depend on Pas. On the contrary, the MBE growth on the (1 0 0) plane
resulted on rough surfaces, without evidence of formation of terraces. Mobility and carrier density of
AlGaAs:Si layers grown on substrates (63 1) were studied as a function of Pxs. The doping type
conversion from p-type to n-type as a function of the As pressure is corroborated for high index samples.
All the films grown on (1 0 0) exhibited silicon n-type doping. These observations were related with the
amphotericity of Si, where it acts as a donor impurity occupying Al or Ga-sites or as an acceptor when it
takes an As-site, depending on the competition that the Si atoms encounters with As for any of these
sites. The acceptor and donor lines close to the AlGaAs transition observed by photoluminescence
spectroscopy (PL) were affected by the incorporation of Si. When increasing Pas the energy of the main
PL peak is redshifted for n-type AlGaAs layers, but it is shifted back towards high energy once the
conduction type conversion takes place. X-ray diffraction patterns revealed high crystalline quality for
samples grown at the highest Pas.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Recently nanotechnology is generating new technological devel-
opments and it is envisaged as the most powerful and promising
engine for the development of the society. In this emerging area,
nanostructured materials are investigated for applications in elec-
tronics, optoelectronic and electro-mechanical devices. For exam-
ple, semiconductor nanowires (NWRs) have emerged as one of the
most versatile building blocks for integration of nanoscale devices
with current technology. In addition, NWRs has been used for the
investigation of basic aspects of one-dimensional systems (1D) [1-
4]. In this direction, the growth of semiconductor materials on high-
index substrates is a very important subject since it has been proved
that, under suitable growth conditions, nanoscale step arrays and
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E-mail address: victor.mendez@uaslp.mx (V.-H. Méndez-Garcia).
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nanogrooves can be self-assembled and later employed as tem-
plates for the synthesis of high quality semiconductor NWRs.
Recently, highly ordered nanoscale step arrays were obtained in
the homoepitaxial growth of GaAs on (6 3 1) oriented substrates [5],
opening opportunities to the self-assembling of 1D arrays. Never-
theless, for the further application of these 1D systems, several
challenges must be overcome. For example, the obtaining of n- and
p-type doped AlGaAs layers is an essential step for the application
of NWRs in optoelectronic devices. Si is known to be amphoteric
dopant in IlI-V compounds [6,7]. For example in GaAs, Si behaves as
donor or acceptor depending on the lattice site occupation: a Si
atom occupying an As (Ga) site acts like an acceptor (donor). In the
growth on high index substrates, the doping type strongly depends
on both, growth conditions and on the particular substrate orienta-
tion [6-11].

In this work the Si doping of AlGaAs layers grown on (63 1)-
oriented substrates as a function of the Ass-beam equivalent
pressure (Pas) is studied. The electrical properties obtained by
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Hall effect measurements indicated the doping type conversion,
which occurs after experiencing high Si-doping compensation in
the layers. The optical properties, studied by photoluminescence
spectroscopy, are modified accordingly with the electrical char-
acteristics. Pas also affected the crystalline quality of both (63 1)
and (100) oriented samples as observed by X-ray diffraction
experiments.

2. Experimental

The samples were grown in a VG molecular beam epitaxy (MBE)
system on GaAs (631)A +0.1° semi-insulating commercially
available substrates. Before being loaded into the MBE system,
substrates were etched in a “Semico Clean” (Furuuchi Chemical
Corp., Japan) solution over the course of one hour and then were
loaded into the MBE preparation chamber and pre-degassed at
380 °C for 20 min. Once transferred to the growth chamber, the
oxide desorption process was carried out at 640 °C for 15 min under
As,4 flux. A 100 nm-thick GaAs layer was grown as a buffer layer (BL)
at 660 °C and a growth rate of 0.3 um/h. Once concluded the
deposition of the GaAs layer, the substrate temperature was set at
700 °C in order to continue with the deposition of 1 um-thick Si-
doped AlGaAs layer, at the growth rate of 0.3 um/h. The Si-effusion
cell temperature was chosen such that the target Si concentration
was 1x 10" cm~3 in (1 00) grown GaAs under normal growth
conditions. Finally a 2.4 nm thick undoped GaAs layer was grown at
700 °C in order to avoid the oxidation of the samples. The Ga and
Al-beam equivalent pressures were 2.7 x 10~7 and 1 x 10~ 7 mbar,
respectively. Different samples were prepared with the As, over-
pressure (Pas), in the range of 0.5 to 4 x 10~ mbar. The morphology
of the nanostructure was studied by Atomic Force Microscopy
(AFM) operated in contact mode. The Van der Pauw technique in
Hall measurements at room temperature was employed in order to
determine the doping type and mobility and the free carrier
concentration of these samples. 12 K photoluminescence (PL) spec-
troscopy was employed with the 442 nm line of a He-Cd laser.

3. Results and discussion

Fig. 1a-d shows the AFM images of the AlGaAs films grown at
0.5 and 1.9 x 107> mbar. Wavy surfaces composed of nano-
channels oriented along the [—1 1 3] direction can be observed
when growing on the (6 3 1) orientation, Fig. 1a and b. On the
contrary, the growth on the (1 0 0) substrate orientation resulted
on rough but non-corrugated surfaces as observed in Fig. 1c and d.
Some holes are perceived for the growth on (1 0 0) at the lowest
Pas that might be related with the As desorption of the surface that
frequently occurs at high temperature. At higher As pressures from
1x107° to 1.9 x 1075 mbar the roughness is increased, and by
increasing As pressure up to 4 x 107> the morphology of the
AlGaAs(1 0 0) films improves significantly. The root mean square
(rms) roughness from samples is plotted as a function of Pas in
Fig. 2a. It is observed that samples grown on the (1 0 0) presented
higher values of roughness, as compared to AlGaAs(6 3 1). Due to
the differences of atomic configuration of singular and high index
substrates, the surface free energy related to the atomic config-
uration and bonding structure, is expected to be different, and so
are the optimal growth conditions that can conduce to flat
surfaces. While for (1 00) the typical growth temperatures are
around the 600 °C [12], for (6 3 1) 700 °C are more explored. The
main reason for exploring such a high temperatures in the growth
on the (63 1) plane is related to the searching for nanoscale
corrugation or self-assembled surface faceting. The faceting is
driven by the minimization of the surface energy. The increase
in the length of the surface migration of adatoms by decreasing
the As /Ga flow rate is frequently observed. In the case of high
index substrates the spontaneous augmentation of the surface
migration length of the adatoms along a preferential direction
related to the anisotropic nature of the substrate promotes the
formation of highly ordered arrays [13]. At Ps=0.5 x 10> mbar
the formation of nanoscale corrugation seems to be initiated as
observed in Fig. 1a, which presents tiny grooves, where the
average step-height corrugation is equal to 2 nm, and the terrace
width is close to 125 nm. At higher As pressure, Ps=1.9 x 107> m-
bar, the corrugation becomes clear, the height of nanochanels

Fig. 1. AFM images of the AlGaAs layers grown on GaAs (6 3 1)A-orientes substrates at (a) Pas~ 0.5 x 10> mbar and (b) Pas~ 1.9 x 107> and grown on the GaAs(1 0 0)

substrates at (c) Pas ~ 0.5 x 10~° mbar and (d) Pas ~ 1.9 x 10~° mbar.
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Fig. 2. (a) AlGaAs surface roughness as a function of Pxs for samples grown on GaAs
(63 1) and GaAs(1 0 0) substrates. (b) Autocorrelation length taken for the AlGaAs
(63 1) samples along the corrugation, [-11 3], and for the AlGaAs(100) films
along the [0 1 -1] direction.

increases up to 6.2 nm and the terrace width up to 500 nm, Fig. 1b.
A quantitative measure of the corrugation uniformity is provided
by the autocorrelation function analysis (ACF). In Fig. 2b the
autocorrelation length, &, which provides a quantitative length
parameter to distinguish between short- and long-range ordering
in the surface morphology [14], is plotted as a function of Pas. The
£x of AlGaAs(1 0 0) films showed no clear dependence on the As
pressure corroborating the isotropic nature of this plane. On the
contrary, for the AlGaAs(63 1) layers, & measured along the
[—1 1 3] direction increases with Pas, in other words, the nanos-
cale corrugation gets straighter along [ -1 1 3] and the dispersion
in the terrace width decreases. Similar dependence of surface
corrugation on Py, in the range from 2.2 x 107° to 4.5 x 10~ Torr
has been observed for the homoepitaxial growth of GaAs(63 1)
[15]. It is worth to comment that the terrace width for the
nanoscale corrugation of GaAs was found to be 75 nm, for
Pas=1.1 x 10~> mbar and in contrast, for AlGaAs layers grown at
similar growth conditions the terrace width reaches the 500 nm;
six times larger. This flattening effect is attributed to the presence
of Al, whose alloys are frequently reported to smooth the growth
front [16].

Fig. 3 summarizes the electrical characterization of the samples
by room temperature Hall measurements. The free carriers concen-
tration of the AlGaAs(100) films was nearly independent of Pps,
close to 7x 10'® cm™, and all the samples are n-type. Different
behavior of both the free carriers density and type of doping was
observed for AlGaAs(631) films. Between Pas=11x10"° and
1.9 x 10~ mbar the doping type conversion from p- to n-type took
place. The conversion of doping type implies highly compensated
samples related to the amphoteric nature of Si on high index
substrates, occupying both III- and V-sites in detriment of the
electrical properties [7-9,17-19]. Note that the samples grown close
to the Pps doping conversion exhibited low free carries concentration
as well as very low carriers mobility. For GaAs the amphoteric
behavior of Si has been related to the number of Si atoms Siy; (Siy)
substituting on the III (V) sublattice and the amount of V (III)
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Fig. 3. Carrier concentration of the AlGaAs films grown as a function of Pas and on
the substrates orientations (6 3 1) and (1 0 0). The carrier concentration of the films
is almost constant for samples grown on (1 0 0). The carriermobility or the AlGaAs
films, which is very low for the p-type samples, is also presented.

vacancies, Xy (Xy;), on the growth surface, through the equation [20]

[Sig] Xy  1.4x10°
S~ "X T @
where T; is the substrate temperature. It is clear that both, high
substrate temperature and low V/III ratio enhance Si incorporation on
As sites. Li et al. employed this equation in order to explain the
amphoteric behavior of Si in of GaAs and AlGaAs films grown on GaAs
(31 1)and in a wide variety of growth conditions. In our experiments
the substrate temperature was kept at T;=700 °C while Pxs was
varied, and in complete agreement with Eq. (1) the for low V/III ratio,
Si predominantly incorporates in As sites. On the other hand,
depending on the substrate miss-orientation and face (A or B face,
referred to Ga or As terminated surface, respectively), the dangling
bond density and configuration changes, and with this, the probability
of getting or not As/Ga vacancies. For example in the A face, it has
been demonstrated that the boundary between n and p-type
decreases as the substrate angle increases away from (11 1)A [6].
The (6 3 1)A surface is 65° off from the (1 1 1), so the boundary at low
Py of the n to p-type is expected, and indeed observed in Fig. 3.
Low-temperature PL measurements were carried out in order to
investigate the effects on the optical properties of doping conversion. In
Fig. 4 we show typical 12 K-PL spectra from AlGaAs layers grown on
(63 1) oriented substrates at Pas=0.5 x 10~ and 4 x 10~ > mbar and on
the (1 0 0) singular plane. The PL spectra of the AlGaAs/GaAs(1 0 0) layers
exhibited four lines. The highest energy peak in Fig. 4a at 1992 eV is
attributed to the band to band recombination (BB). The peak at 1.902 eV
is due to the donor-acceptor pair recombination (D,C), where the acceptor
is carbon in As-site (Cas) and the donor is likely to be Si in the Al/Ga site.
At 1.931 eV the donor to acceptor pair recombination (D,Si) involving the
Si acceptor is found. A broad transition located around 1.875 eV could be
tentatively attributed to the recombination of the VasSig, complex [19].
The PL spectra of the samples AlGaAs(1 0 0) grown at higher Pa are very
similar. An apparent redshift is observed but, as observed in Fig. 4(b) for
Pas=4 x 1075, it is a consequence that the (DSi) transition becomes
more intense than (D,C) as we increase Pas. Since the carrier density of
the AlGaAs(1 0 0) films did not vary significantly (Fig. 3), the PL changes
are explained as a consequence of an improvement of the crystal quality.
On the other hand, the main peak of the PL spectra of the AlGaAs(6 3 1)
films showed redshift as the As pressure was increased. When increasing
Pas, the energy of the PL-peak red-shifts in the p-type region, but it shifts
back towards high energy once the doping type conversion takes place,
which is in the n-type region. Similar shifts of the PL spectra have been
reported to occur during the carriers compensation for the growth on
(n 1 1)A substrates for n=1.2, 3 [4,9,19,21]. In Fig. 4(c) it is observed that
the 12 K-PL spectra from AlGaAs layers grown on (63 1) oriented
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Fig. 4. 12 K PL spectra from the AlGaAs films grown on (a) and (b) GaAs(1 0 0) substrates and (c) and (d) GaAs(6 3 1). Ps is indicated in the graphs. The solid lines represents

Gaussian fittings of the spectra.

substrates at Pa,=0.5 x 10~>, p-type sample, can be fitted to the same
four lines that presented the PL spectra of the AlGaAs(1 0 0) films, plus an
additional broad line which is is associated to a Ga vacancy, Vg, The
doping conversion usually broadens the lineshape and more PL transi-
tions are involved, which explains the broad lineshape for
Pas=05x 107> The PL spectra of the AlGaAs film grown at
Pas=4 x 10~° mbar, n-type, is principally composed of transitions related
to defect emissions. While for the p-type samples the peak close to
1871 eV can be attributed to Vas related emissions [19], for n-type
samples it is more likely to be attributed to Sig,—Vg, aitisite related
defects [22]. The presence of V¢, transition, and the moderate slope of
the n-type region of the carriers concentration in dependence of Pas,
indicates that under these growth conditions, we are still close to the
doping convertion range, and in order to get higher carrier concentration
n- (p-) type samples we should further increase (decrease) the As beam
equivalent pressure during the growth of the AlGaAs films on GaAs
(6 3 1). All these observations resemble the doping of GaAs in high-index
directions, where the amphoteric nature of Si is corroborated [4,7-9,17-
19,21].

4. Conclusions

The doping type conversion of AlGaAs doped with Si was studied
as a function of the As,-beam equivalent pressure. For (6 3 1) oriented
samples at low Pas the Si is incorporated into As sites, acting as
acceptor and producing p-type AlGaAs layers. For a further increase in
Pas the Si is incorporated into Ga or Al sites, acting as donor and
producing n-type AlGaAs layers. It is important to remark that the n-
type (63 1) samples showed carriers concentration as high as that
obtained for those samples grown on the (1 0 0) substrates, besides of
sustaining nanoscale surface corrugation. Therefore, for the formation
of optoelectronic devices the subsequent growth of a thin AlGaAs layer
with lower Al content (i.e. lower bandgap) might conduce to the
assembling of semiconductor quantum wires (QWRs), and the latter
capping of the structure with a p-type AlGaAs layers can be easily

achieved by decreasing Pas. Concerning to the optical properties, the
redshift of the main peak of PL frequently observed for the growth on
non-singular high-index substrates and high intensity Sig,—Vg, antisite
related defect emission was observed. It is important to comment that
high resolution X-ray diffraction of the films (not shown here)
exhibited higher crystal quality for those samples grown at high Pas.
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