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Chapter 4

METHODS OF DETERMINING RESIDUAL STRESSES*

1. GENERAL

Stresses that remain in a body after the factors giving rise to

them have been withdrawn are known as residual stresses.** The causes

of the appearance of residual stresses are irreversible changesý(non-

uniform plastic deformations, phase transformations, and so forth)

that are not uniform throughout the volume of the solid.

A mechanical method of determining residual stresses has been pro-

posed by N.V. Kalakutskiy [2]. It is based on the following considera-

tions. The residual stresses are mutually compensated within the body,-

their resultant and moment are zero in any section, as proceeds di-

rectly from the body's equilibrium conditions. If some part of a

stressed body is removed, the stress equilibrium in the rest of it

will be disturbed. Elastic deformations will arise in it; on measure-

ment, these will enable us to determine the values of the residual

stresses.

The mechanical method has been developed only for bodies of the

simplest symmetrical shapes: cylinders, tubes, plates, and so forth,

and cannot be applied to bodies with complex shapes, i.e., to the ma-

jority of real objects; Moreover, the distribution of the residual

stresses depends to a considerable degree on the shape of the body.

Use of the mechanical method is limited further by the fact that

the pieces subject to investigation are usually completely or, more

rarely, partially destroyed.
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residual stresses from the measured deformations.

Below we consider a number of specific cases in which the mechan-

ical method is applied to determine residual stresses of the first kind.

2. DETERMINATION OF RESIDUAL STRESSES IN CYLINDRICAL BODIES

Every stressed state is characterized by three principal stresses.

For cylindrical. bodies,. .these•stresses are axial, radial and tangential

(or circumferential). Figure 1' shows a volume element that has been

cut out of a cylinder. The arrows indi-

cate the principal-stress vectors. The

* V radial stresses ar are directed along

the radius of the cylinder's circumfer-

""Lence, the axial stresses aos along the

axis of the cylinder, and, the tangential

F 1stresses at along the normal to the mer-
Fig. 1. Diagram of
stressed state in cylin- idional plane.
drical body. 1) %o; 2) The methods o.f Zaks [Sachs), Kala-

arý; 3 ) c0 t
kutskiy and Davidenkov are extensively

used for investigation of residual stresses in cylindrical objects.

The Zaks Method

The surface of the cylinder and its faces are ground in such a

way that the faces are parallel to one another and perpendicular to

the axis of the cylinder. The prepared cylinder is carefully measured:

the diameter is measured in three directions in each of three zones

and the length along three different synmetrically located generatrices

(Fig. 2). After these measurements have been taken, the cylinder is

center-drilled through its axis and the diameters and lengths of the

cylinder again measured at the same points as previously. Then the

hole is bored out progressively (by steps) and the same measurements

repeated after each boring operation. The boring steps-must be suffi-
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ciently small to produce the largest possible number of points for the

stress diagrams, but not so small, that the deformations produced by

the boring cannot be measured with sufficient accuracy.

The measurements are used as a basis for

computing th& deformation of the cylinder af-

t`r each boriig, operation and the residual

- stresses in the layer removed are determined

1 -, from the average. values of the cylinder's di-

ametral and 'length deformations.

. The stresses are computed by the follow-

ing formulas (3):

Fig. 2. Diagram il- i- n + f
lustrating meas-ure-
ment of dimensions_ E ?&-I
of cylinder in deter- . (3)
mining residual
stresses by Zaks
method: a,, al', a" 1 , where f_ is the specimen's sectional area

a 2 , a 2, a" 2  a"3  with respect to the outside diameter, f is
a' 3 , and a"3 are the -
poi3'ant of 3dareforthe area of the drilled pole, E is the normalSpoints of deforma-

tion measurement on elastic modulus, V is Poisson's coefficient,
three diameters meet- eP
"ing at an angle of
1200 in three bands;
bl, b 2 and b are

the points at which where 0 is the relative change in the diameter
the deformation in
length is measured. on boring the cylinder and X is the relative

change in the cylinder's length.

The derivatives dA/df and dG/df appearing in Formulas (1), (2)

and (3) are computed graphically from curves of the variation of S and

A as functions of the area of the drilled hole f (Fig. 3).

For these curves to be smooth, the experimental data must be cor-



rected slightly when they are plotted.40 For convenience in graphic calculation

[ of the derivatives, the values of e and

-x-- A may be increased by a factor of 105.

1, .. To compute the derivative at the

* re quired point ofý.,the curve (for given
200 400 500 am two2 na .&WOVoc0rNwA,., values of 6 and f or. of A and f), a tan-

Fig. 3. Example of A and gent is passed and the slope of this tan-
e sic] as functions of f..
1) Deformations 6 and A,, gent to the axis of abscissas is com-
xlO3; 2) cross-sectional
area f M2) puted. The sign of the derivative is de-

termined by the sign of the tangent in

the quadrant in question.

The line is passed tangent to the curve very easily with the aid

of a mirror [41. For this purpose, a mirror standing perpendicular to

the paper is adjusted in such a way that the reflection seen in it

will be a smooth extension of the curve. Given this condition, the

edge of the mirror coincides with the normal to the curve. Once we

have located the direction of the normal at the point in question, we

may also draw the tangent.

After computing the axial, tangential and radial residual stresses

for the various layers, we may plot curves of these stresses over the

section of the cylindrical object. The correctness of the stress deter-

mination may be established by checking to see whether the resultant

of the axial stresses and the moment of the tangential (circumferen-

tial) stresses are zero; the sum of the circumferential stresses (or

the stresses constructed as a function of the square of the radius)

should also be zero.

In determining residual stresses in hollow cylinders (thick-walled

tubes), the approach is the same as with solid cylinders, except that
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the central holes are not drilled. The stresses are determined by per-

forming successive boring operations on the tube and measuring the di-

ametral and length deformations..'

Calculation of the residual stresses with progressive boring-out

of the cylinder has a shortcoming, in that the magnitude and distribu-

tion of the stresses in the surface layer can be obtained only by ex-

trapolation, since the cylinder can be bored out only to a certain limit.

To obtain the complete residual-stress curve, the cylinder-boring

experiments must be supplemented by investigations of another specimen,

the outer surface of which is turned for measurement of the inside-

diameter deformation of the cylinder instead of that of the outside

diameter.

When outside layers are removed, the stresses are computed by

the following formulas:

EA
@T i I ,., X •:

I +-f

d 4i. (5)

°,- I_,,, (6)

Basically, the symbols in these formulas have the same signifi-

cance as in Formulas (1), (2) and (3); fa is the area of the cylinder's

internal cross section and f is the area of the outside cross section

of the cylinder,, which changes on turning.',

The full stress diagram is constructed by juxtaposing the partial

curves obtained on boring and turning the cylinders.

The use of two cylinders can be recommended only when the stress

curves in these cylinders are fully identical. However, this is diffi-

cult to arrange. Consequently, the complete curve is determined on a

single cylinder, which is subjected to successive boring and turning

-6-



operations [5]. Here, extrapolation to the surface of the cylinder is

supplanted by interpolation over the thin central part of the cylinder

that remains after all machining has been completed; this enables us

to determine with high precision the superficial stresses, which are

usually of the greatest interest.

In this case, the cylinder is first bored and the residual stresses

computed for its internal region on the basis of the change in outside

diameter and length, using Formulas (1), (2) and (3). Then -the remain-

der of the cylinder is turned and the residual stresses computed for

the outside of the cylinder by Formulas (4), (5) and (6) after measur-

ing the changes in its length and inside diameter. However, these re-

sidual-stress values will not correspond to the true initial stresses

because of the changes that have been wrought by the earlier boring

operation. For determination of the true stresses, therefore, it is

necessary to compute those residual stresses that were relieved in the

cylinder's outside layers during the preliminary boring work, using

the formulas

A- (7)

E _ _

I . ILS 2

0 -al+PV

where Xr and Or are the relative changes in the length and outside di-

ameter after preliminary boring Of the cylinder.

The true residual stresses in the outer layers of the cylinder

are equal to the algebraic sum of the stresses computed by Formulas

(4), (5) and (6) in turning the cylinder and the stresses computed by

Formulas (7), (8) and (9).

In many cases, it is sufficient to determine only the axial or

-7-



only the tangential and radial stresses.

If we study only the axial stresses, they may be computed by For-

mula (1) or (4), in which A is replaced by X (X is the relative change

in the cylinder's length) and the denominator (1 -2) may be dropped.

It is necessary, however, to note that with this method of deter-

mining.the"axial stresses, the tangential and radial stresses that are

practically always present in cylindrica2l components are deliberately.

not taken into account, so that the axial-stress value obtained is usu-

ally on the low side..

Like the axial stresses, the tangential and radial stresses may

be computed by Formulas (2) and (3.). for boring and by Formulas (5) and

(6) when the cylinders are turned, replacing e by 0 and discarding (1 -

_ 2).

If the investigation of residual stresses is to be limited to

measurement of only the tangential and radial stresses, the test ob-

jects are disks cut from the cylinder. The thickness of such disks

should be no greater than 1/5 of its diameter; it is limited to relieve

the axial residual stresses [6].

The method set forth above for determining the residual stresses

in cylindrical products is well-known in the literature as the Zaks

method.

The basic deficiency of the Zaks method, which makes its use par-

ticularly difficult in industrial laboratories, consists in the small

magnitude of the strains that are subject to measurement and in the

extreme sensitivity of the mhethod to temperature factors. The latter

prevents undertaking measurements when the object has not been held at

the temperature in question for 2-3 hours (depending on its size), and

it is necessary to take parallel measurements on some control specimen

that remains unchanged during the entire operation.

-8-



The method-has yet another shortcoming (which, incidentally, is

inherent to most other methods). In deriving formulas for calculation

of residual stresses, we assumed axial symmetry of the stress distribu-

tion and constancy of this distribution on the test length. In many

cases, however, the stresses may be distributed asymmetrically. Fur-

ther, the end effect, which upsets. the uniformity of the residual-

stress curves along the cylinder axis, arises in determining residual

stresses in cylindrical articles. The influence of the end effect for:

cylinders extends to a depth of the same order as the cylinder diam-

eter (7].

Dependable results may be obtained by the Zaks method only in

cases where the cylinder length exceeds its diameter or wall thickness

by a factor of at least 5-6 [8].

Together with this, only the Zaks method takes full and irre-

proachable account of the three-dimensional stressed state, and it is

therefore most correct from a theoretical standpoint.

The Method of N.N. Davidenkov

For thin-walled tubes, the Zaks method is rendered virtually use-

less due to the'small magnitude of the deformations subject to measure-

ment.

Consequently, N.N. Davidenkov proposed another method based on

measurement of bending deformations rather than tensile or compressive

deformations [9].

For determining tangential residual stresses by this method, a

segment of tube is slit along one of its generatrices and then layers of

metal are removed progressively (for example, by etching) from the out-

side and inside surfaces of the tube, with measurement of the diameter

change each time.

The total initial tangential residual stresses in thin-walled sec-
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tions are composed of three components:

e,,=,+o, +@,, (10)

where 01 are the residual stresses relieved when the ring is split; 02 2

are the residual stresses that exist in each layer of the tube when

removal of all preceding layers is completed; 03 is a correction tha't

takes into account the residual stresses relieved i.n the. iayer when i

all preceding layers are removed.

These components are determined (on removal of internal layers)

by the respective formulasi

Z' +

2P Z'+p (i
Ealt a dD

3(D-a)' (12)
2E. -(Do- D)r+

3(D-- 2a) D .(

+ ,2 " tdD + . , (13,)
D D

In these formulas E is the elastic modulus, a is a coefficient taking

into account the impossibility of curvature for the ring walls in the

axial plane due to the cylindrical shape: a = 1A(1 - IL2 ); P is the

Poisson coefficient, p is the radius of the median circumference of.

the ring, Z' is the distance of the layer under consideration from the

median circumference, 6 is the thickness of the ring wall, D is the

outside diameter of the ring after splitting along a generatrix; AD is

the measured change in the outside diameter of the ring on splitting

(positive when the diameter increases), which is equal to the spread

of the split ends divided by 7r, a is the distance between the center

of the layer under consideration and the outside surface of the ring,

and x is the present coordinate of all layers between 6 and a'.

The derivative dD/da is determined graphically from the curve of

D f(a). The quantities %xdD and 5%x,'d are found graphically (or by

- 10 -



rough calculation) from curves of x = y1 (D) and x 2  9.2 (D) constructed

on the basis of the experimental data.

To determine the axial stresses, narrow strips are cut from the

tube parallel to its axis and the deflection that appears on cutting

is measured. Then successive internal layers are removed, e.g., by

etching, and the deflection of the strips again measured.

The axial stresses are computed by the formulas

2E(7-4-)
(15)

"a ,.(16)

- .04 (17)

where b is half the distance between the supports of the instrument

used to measure the deflection, f is the deflection that arises when

the strips are cut out (positive if the strip turns its convex side

toward the tube axis); the other symbols have the same significance as

in the earlier formulas.

The derivatives and integrals are found graphically from the

curves of

f= l(a) and x = cp2 (f).

Since determination of residual stresses by the Davidenkov method

presupposes progressive etching away of outside or inside layers, com-

plications arise in study of stresses in tubes whose material does not

lend itself to etching or does not etch with sufficient uniformity.

Mechanical removal of layers is difficult in this case because second-

ary plastic deformations may arise in the tube after sectioning along

the generatrix (due to its low rigidity). In this case, a special

method for mechanical removal of layers may be employed (10].

1- l



The tube under study is broken up lengthwise into a number of seg-

ments, bored out stepwise to various diameters and then sectioned

through these steps. The individual rings with different wall thick-

nesses obtained in this way are cut along a generatrix and the corres-

ponding diameter changes are measured. Assuming that the magnitude and

distribution of the residual stresses are the same in all segments of

the tube, we may compute the tangential stresses in the individual

rings and thus find their distribution over the thickness of the tube.

Method of N.V. Kalakutski'

The Kalakutskiy method [2] is used for investigation of tangen-

tial stresses in disks (solid or cut from thick-walled tubes). Here it

is assumed either that there are no axial stresses in the piece or

that they are relieved in cutting out the template, the thickness of

which must be as small as possible and, in any event, no greater than

1/5 of the diameter.

Essentially, the method consists in cutting up the disk into a :1

series of concentric rings and measuring the changes in their diameters

due to the cutting. These changes (as in the Zaks method) are very

small, not exceeding a few hundredths of a millimeter,.and.are sensi-

tive to temperature fluctuations. Consequently, the measurements should

be made with great care. The calculations themselves are quite cumber-

some.

The Kalakutskiy method is based on the use of the familiar Lam4

formulas for thick-walled cylinders; the technique of the application

consists in the following.

After the disk is cut out, its surface is ground and the rings to

be cut out of it are scribed on its surface. Marks are made on the cen-

terlines of these rings across three or four diameters (small crossed

scratches are made or shallow cores are taken) and a comparator is used

- 12 -



* to measure their sizes. Then ring-shaped grooves that separate the fu-

ture rings are turned through (or marked) and the outside and inside

* radii of each ring are measured. After this, the rings are cut out and

the marked diameters of the central circumferences are again measured

on each ring.

The calculations amount to determining the reciprocal pressures

experienced by the rings (which are equal to the radial compressive,

stresses) from the-magnitude of the measured (absolute)'displacement

of the median circumference of the ring u according to the formula

r - +

E r2 - j)

+. p r., (.- N.)

4.. (18)

where r is the average radius of the ring, rv and rn are the outside

and inside radii of the ring, pv and pn are the inside and outside

pressures (positive for compression) which are equal to the radial

stresses, E is the elastic modulas, and [t is the Poisson constant.

The following calculation procedure can be recommended (from the

outside ring toward the inside ring*).

The outside ring is free from loads along its external perimeter.

Thus, setting Pln= 0, we determine p1 from the equation for u; here

(as everywhere in the material that follows), the sign of the variable

u is reversed, since the deformation forms not under load but when the

load is released.

The computed Plv also acts on the second ring. A correction is in-

troduced to account for the finite width of the cut. Assuming that the

pressure varies linearly on the small extent of the ring width, we em-

ploy linear extrapolation. If the ring width is denoted by a and the

cut width by c, the external pressure on the second ring is equal to.

-13-



pi. p ,,( I+ -) •

Passing through the second ring, for which p2n has already been

determined, we find P2v from Eq. (18). As earlier, the correction

P3.- Pu +01*ý- p• l

is introduced on passing through the third ring.

Continuing further in the same manner, we finally arrive at the

last, inside ring, for which we should find p = 0. This result is a

check on the measurements and calculations.

After all radial stresses have been determined, the average tan-

gential stresses are computed for each ring of radius r using. the for-

mula

air +

+•. r-N) 4219

The internal stresses are taken for Formula (19) without correction

.' for the cut width.

These complex arithmetical calculations may be simplified consid-

erably (at some cost in accuracy) if it is assumed that the tangential

stresses remain constant within the limits of a single ring thickness

and the cut width is disregarded, provided that it is sufficiently

small as compared with the ring width [Il].

In this case the calculations are carried out by the following

procedure. For the first, outer (or inner) ring, which are assumed

to have no radial stresses, the tangential stresses are computed by

the formula
ADD (20)

where E is the elastic modulus and ./D is the relative change in ring
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diameter after cutting out (LD is taken positive for increasing ring

diameter D after cutting out).

For all other rings, which do not face on the outside or free in-

side surfaces, the influence of radial stresses must also be taken

into account in computing the tangential stresses, using the formula

S(21 )

The residual stresses are computed successively from the inside

ring toward the outside ring or in the reverse order. In the former

case, the change in radial stresses al' is found on transition to ther

second ring by the formula

where 6 is the distance between the axes of neighboring grooves and p

is the radius of the groove centerline.

Substituting the value of a t obtained from Eq. (20) in Eq. (22)

and, as before, setting 1r = 0, we find the value of Aarr r°

Radial stresses a"r equal to the Ao' r found above act from within

on the second ring. Knowing the values of a" and tD/D, we may deter-r

mine a"t for the second ring from Eq. (21).

Having found a"t and substituted it in Eq. (22), we compute Aa"t r
for the transition to the third ring. At this point, the radial stress

al'r acting on the third ring becomes known:

Aa' r + Cnr.

Continuing in a similar fashion, we may determine successively

the tangential and radial stresses for all rings.

If the calculation is carried in the opposite direction - outside

to inside - the sign is reversed in the right member of Eq. (22).

Determining the values of the tangential and radial stresses for

each ring, we construct the curves of distribution of these stresses

-15-



over the cross section of the disk.

If the stress calculation begins with the inside ring, the radial

stresses on the outside margin of the next ring should be found to

equal zero. If this condition is not met, the erroneously computed

value of the radial stresses (if it is not too large) should be dis-

tributed evenly among all rings by introducing the appropriate correc-

tions into the tangential-stress values.

The radial stresses on the internal free surface of hollow cylin-

ders (tubes) should also be equal to zero, while the radial stresses

in the central ring of a solid cylinder should be equal to the tangen-

tial stresses.

Method of N.V. Kalakutskiy as Modified by N.N. Davidenkov

The Kalakutskiy method may be simplified. The measurement of ring

deformation on cutting-out may be supplanted by measurement of the de-

formation that occurs when they are split along one of the radii after

cutting out. If we make the quite plausible assumption that the result-

ant of the tangential stresses is basically relieved when the ring is

cut out but that those stresses that create the bending moment are re-

tained, the measured ring deformation after splitting enables us to

compute this moment and, consequently, also to determine the slope of

the tangential-stress diagram as a function of the median radius of

the ring, using the formula

""--- • -. ( 23 )

Here, LD is the measured increase in ring diameter after splitting

(which is equal to the spread between the cut boundaries, which is

simpler to measure, divided by. 7r).

Knowing the values of these tangents [slopes], we may use them in

graphical construction of a curve of the actual stresses (by passing a

-16



smoothing curve over segments of the tangents), or accomplish the same

thing analytically assuming that passing a curve over the tangents rep-

resents an integration operation.

It must be remembered in this construction that the tangent in

this case has the dimensions kg/m_ mm, so. that it must be constructed

taking into account the scales of the stresses (along the axis of or-

dinates) and lengths (along the axis of abscissas). If, for example,

100 mm is laid off on the axis of abscissas as the length scale, then

the value of tan a must be laid off on the axis- of ordinates in the

stress scale multiplied by 100.

Construction of the curve begins with zero stress. After the en-

tire curve has been plotted, the axis of abscissas is shifted parallel

to itself until the positive and negative areas of the diagram become

equal, i.e., until the equilibrium condition is satisfied. The or-

dinates of the curve read off the new axis are what will give the,

stress values.

The tangent method may also be used to check the curve obtained

by the method of rings. However, it is more expedient to use it in com-

bination with direct measurement of the deformation of the outside

ring after it has been cut off, the more so because this deformation

is usually quite large. Then, using the elementary formula (20), we

may determine the tangential stress, and this gives the initial point

for construction of the entire diagram. This method dispenses with the

necessity of displacing the axis of abscissas and it becomes possible

to verify whether the equilibrium condition has been satisfied.

Tnere is also a method for constructing a general diagram from

the deformations that arise when the rings are split. However, it in-

volves tedious calculations and will therefore not be described here.

For details concerning the above, see [8].
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Other Methods for Determining Residual Stresses

Other methods are also known for determining residual stresses,

e.g., those of Heyn and Bauer [121, Andersen and Fahlman [13), and

Kirchberg 4[14]. As a rule, however, these methods can be used to in-

vestigate either the two-dimensional stressed state and hence to deter-

mine only two stress components (tangential and radial), or the linear

stressed state, so that only the axial stresses are determined.-

In approaching the selection of a method, it is first necessary

to form at least a tentative conception concerning the magnitude of

the deformations subject to measurement (as a function of the dimen-

sions of the piece and the level of stresses).

It was noted above that the Zaks method enables us fully to define

the three-dimensional stressed state in solid and hollow cylinders by

determining all three components of the residual stresses - axial, tan-

gential and radial. The Zaks method provides for measurement specific-

ally of small deformations, and its application is limited by the meas-

urement technique. Consequently, this method is practically useless

for cylindrical products of large diameter, since boring the first

layers of such a cylinder gives rise to such significant deformations

at its surface that it is not possible to measure them with sufficient

accuracy.

The possibility of using the Zaks method for determining residual

stresses may be evaluated as follows.

Let us assume that it is necessary to determine the residual

stresses in a disk cut out from a hollow steel cylinder; the inside

radius Rvn = 20 mm and the outside radius Rnar = 60 mm.

Suppose that the minimal tangential stresses on the inside sur-

face of this disk are 10 kg/mm2 (no axial stresses).

Assuming that in this case it is necessary to bore the disks from
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the inside, we determine the thickness of the layer by which these

disks will be successively bored out. Let us set it equal to -5% of

R - Rvn (this will enable us to obtain 20 experimental points for

plotting the stress diagram), or 2 nmm.

When the first layer is removed by boring, the radial stresses

relieved may be determined by the formula

P"R.N+ARo.

With AR =2 mm,,
2ov"

O-RM'+2

According to the formula for the radial displacement, the change

in the disk's outside diameter is

4R.1RUapOp

-AD=
E E(R.-R)"

With E = 2.2.10 mm, the elastic deformation on the outside surface of

the disk is of the order of 0.0015 mm.

Consequently, if the investigator has at his disposal facilities

that enable him to measure elastic deformations with an error no

greater than 0.0015 mm, he may use the Zaks method. In practice, how-

ever, it is very difficult to attain such accuracy and we may arrive

at incorrect conclusions concerning the magnitude of the residual

stresses and the manner in which they are distributed.

If the Kalakutskiy-Davidenkov method is used instead of the Zaks

method in the case under consideration, we obtain a considerably

higher accuracy in determining the stresses.

When the stresses are determined by the simplified Kalakutskiy-

Davidenkov method, the smallest deformation for the inside ring is

found to be

Ar rat/E,
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i.e., the deformation is 0.01 nmn in our example, or 6-7 times smaller

than according to the Zaks method. Naturally, measurement of such de-

formations does not involve any complications.

The advantages of the Davidenkov method in applications to thin-

walled tubes of small diameter- may be evaluated similarly.

3. DETERMINATION OF RESIDUAL STRESSES IN PRISMATIC BODIES (BEANS, PLATES)

The method developed by N.N. Davidenkov to determine axial resid-

ual stresses in strips cut out of tub'es may be used to determine resid-

ual stresses in rectangular-section beams and plates in the uniaxial

stressed state. In this case, layers of small thickness are removed

successively from one side of the beam or plate (by etching, planing

or grinding), and the distortions that arise are measured after each

step. The stresses are computed by Formulas (14), (15), (16), and (17).

Subsequently, N.N. Davidenkov improved this method [15], assuming

the thickness of the layers removed to be finite rather than infinites-

imally small.

The formula for computing the axial stresses in this case takes

the form

a-A.

SA$

- j. -a -(8+Aa-(24)

Here

s .Ž'?-x At-;

AX

a is the thickness of the layers removed, 6 is the initial thickness

of the beam or plate, Aa is the thickness of the layer in which the
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stresses are determined, x is the current coordinate, which varies from

0 to [a - (Aa/2)], Ax is the thickness of the layer situated at depth

x below the initial surface, fa - Aa is the deflection due to removal

of all layers to the depth (a - Aa), Af is the deflection due to re-

moval of one layer and b is half the theoretical span of the beam.

_ _ _ _All of these symbols will be under-

.A _J, stood from the diagram shown in Fig. 4.

Calculation of the residual stresses

by the 'improved Formula (24) gives more ac-
Fig. 4. Diagram illus-
trating symbols used curate results'than are obtained by Formulas
in computing residual
stresses in prismatic :(1)4), (15), (16), and (17).
body.

In determining residual stresses in

prismatic bodies, the layers removed should be as thin as possible for

superior reproduction of the stressed state. With large test pieces,

however, the deformations that arise on removal of such.layers may

prove to be so small that they cannot be measured. It is therefore nec-

essary to specify a minimum value for the expected stress and first

compute the order of magnitude of the expected strain. Obviously, the

more sensitive the instrument, the thinner the layers that may be re-

moved.

Removal of layers over the entire length of the test object repre-

sents considerable difficulty, particularly if it is made of hardened

steel. Experiments have shown that it is possible to saw the piece to

the same depth instead of removing layers [16]. If the number of saw

cuts is sufficiently large, the result obtained is the same as if the

whole layer had been removed. Thus, if we make, cuts at an interval

equal to three times the depth, only 5% of the actual stresses remain

unregistered by the procedure.
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{4. DETERMINATION OF RESIDUAL STRESSES IN SURFACE LAYERS OF PIECES

SMethods for determining residual stresses in any surface zone of

a workpiece are also based on measurement of the elastic deformation

produced by a change in the stressed state. This change is brought

about by specific notching procedures, drilling holes, removing cores;,-

and by. other methods[7, 17,. 18].

D.G. Kurnosov and M.V. Yakutovich [17] proposed that holes at

least 1.5-2 diameters deep be drilled in the stressed surface layer to

determine residual stresses in any surface zone of pieces withaa flat ,

surface or a surface having a slight curvature. .!

"'" IIHH" When the hole is drilled, elastic de-

1. Aformations appear as a result of stress re-

distribution in regions adjoining the out-

line of the hole..

A The hole is drilled normal to the sur-

a b' face of the piece. In many cases, this hole

Fig. 5. Diagram illus- may be drilled without damaging the work-
trating measurement of
deformations in deter- piece beyond tolerances, e.g., in residual-
mining stresses by
hole drilling. A) stress determinations on large forgings.
Flaring points of meas-
uring instrument. We may compute the residual stresses

by determining the radial displacements of points on the outline of.

the hole.

The deformation measurement may be made in accordance with the

schemes shown in Fig. 5; these indicate the placement of the reference

"points,the distances between which are subject to measurement. Setup a

enables us to obtain shifts twice as large as thbse obtainable with

setup b, but the use of setup b is more convenient in practice.

For the deformation measurement, D.G. Kurnosov built a strain ten-

someter with a 60-mm base and a special appliance for securing it to.
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the piece being .investigated (resistance tensometers can also be used

successfully for measurement of deformations, but they must be set up

in a different pattern).

For the two-dimensional stressed state, when the directions of

both principal stresses and their magnitudes are unknown, the displace-

ments must be made in three directions.

It is convenient to use the following for these directions:

91-s. •"

where 0 is the angle between one of the principal stresses and an ar-

bitrarily selected direction in which the displacement is made.

The general equations for determining the principal stresses take

the following form:
• ~rE(U:,-+UY,) +•

"r" 'E (U ?I + U g')

+ E(U (25)

_ K- rE (U 9 + U t,)

E(U9 1 U,,)(26)r .e

where S and K are the principal stresses, Uq 1 , Up 2 , and UT3 are the

displacements in the three directions, r and , are the polar coordin-

ates of the point on the body whose radial displacement is being meas-

ured, and a is the radius of the hole.

If the directions, of the principal stresses in the part being in-

vestigated are known in advance, e.g., for 1odies of simple shape (cyl-

inder, tube, beam, plate, and so forth), then determining their magni-

tudes requires only measurement of the two corresponding displacements

U1 and U2 of the hole contour at a 900 angle to one another.

In this case, the stresses are determined by the formulas
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Sm . 12I, + (' -- 0) V,a (I + L).- (3 -,) " (27) .

(28)

A pillar may be drilled out with a circular slot to determine re-

sidual stresses in the surface layer of a stressed component [18]. The

surface deformation of the pillar is measured with, wire strain-gauge

pickups..

If the measurement is made with simple strain-gauge pickups, it
/

is necessary to core out two pillars, measuring the surface deforma-

tion in one direction on each pillar. The measurements may be made on

the same pillar by using complex rosette pickups. The pillar diameter

should be slightly larger than the pickup base. The depth of the cfr-

cular slot should be at least 0.7 of the pillar diameter.

The residual stresses are computed by the formulas

t ;- + (29)

oe-- (am+",t). (30)

where et and eos are the relative deformations measured in the two di-

rections - tangential and axial.

Manu-
script [Footnotes]
Page

No.

1 Academician N.N. Davidenkov of the Ukrainian SSR was respon-
sible for scientific editing of the paper.

1 The present chapter considers only the mechanical method of.
determining residual stresses as it applies in the classi-
fication of N.N. Davidenkov [1] to stresses of the first
kind. Stresses (or, more properly, distortions) of kind II
are considered in the chapter entitled "X-Ray Structural
Analysis of Polycrystals."

13 N. Kalakutskiy recommends the reverse procedure in the in-
terests of greater accuracy.
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3 oc =os = osevoy.= axial

3 p = r = radial'nyy =.radial

3 T = t = tangential'nyy = tangential

4 B =v =vneshniy outside

.7 p = r = rastochka = boring

13 H = n = naruzhnyy = outside F

13 B = v = vnutrenniy r inside

18 BH = vn = vnutrenniy = inside

18 Hap = nar = naruzhnyy = outside
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Chapter 32

FORMATION OF AUSTENITE IN HEATING OF STEEL

Study of the processes in which austenite forms on heating were

initiated by D.K. Chernov [1] who discovered the critical points of

steel.

Initial structure is the most important factor determining not

only the kinetics of the transformations, but also, to a certain degree,

the positions of the critical points. The transformations with an ini-

tial two-phased structure composed of pearlite and sorbite are of

greatest practical interest. For this case, the thermodynamic equilib-

rium in the Fe-C system is determined by the diagram of state. Accord-

ing to the diagram of state, formation of austenite begins when point

A1 is reached.

Fe r tzAt1
Fig. 1. Distrib- Fig. 2. Posi-
ution of carbon tions of CI and
in process of
P - A transform- 02 points on
ation at tempera- Fe-C diagram.
tureT1 . lT Temperature,

T•

Nuclei with the y-fron lattice appear and disappear continuously

in the ferrite as a result of spontaneous reconstruction of the lat-

tice due to energy fluctuations. However, ferrite can exist in equi-
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librium only with austenite whose composition corresponds to the GS

line; consequently, only a nucleus with 0.8% C can be a stable nucleus,

i.e., a nucleus whose growth is accompanied by a reduction of free en-

ergy, for transformation in the region of the AI temperature.

The probability that such a nucleus will form as a result of spon-

taneous redistribution of the carbon dissolved in the ferrite is neg-

ligibly small as compared with the probability of its formation on the

interface with the cementite, in which the carbon concentration is 300

times higher than in the ferrite. Proximity to such a rich source of

carbon places the boundary nuclei of the y-phase under advantageous

conditions and ensures their exclusive development to critical dimen-

sions and beyond. For this reason, the mechanism by which pearlite is

transformed to austenite near the A1 point reduces to the appearance

of austenite nuclei with 0.8% C at the boundary between the cementite

and the ferrite and subsequent diffusive growth of these nuclei.

During isothermal holding at the temperature TI, which is some-

what higher than A1 , the austenite is fed by carbon at the expense of

the dissolving cementite lamellae and absorbs the ferrite lamella. Ac-

cording to the diagram of state, the carbon concentration at the ce-

mentite/austenite interface is c2, while that at the A/F interface is

C1 (Figs. 1, 2). The rate at which the austenite front advances is de-

termined by the rate of diffusion of carbon in the austenite,* i.e.,

at a given temperature, by the diffusion coefficient D and the concen-

tration gradient (c 2 - cl)/X, where x is the distance traversed. When

the ferrite disappears, x = A, where 2A is the interlamellar distance

in the pearlite. The smaller A (the finer the pearlite), the higher,

accordingly, will be the average rate of austenite propagation. As the

initial pearlite (sorbite) becomes finer, therefore, the rate of aus-

tenite formation should increase not in proportion to i/A,, but more
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steeply.

The point of thermodynamic equilibrium A1 corresponds to a state

in which the free energies of the austenite and pearlite are equal and

no transformation at all can take place. Any transformation that takes

place at a nonzero rate - whether isothermal or .not -' proceeds above

the point A1 . Then two austenite fronts with the concentration CI,

i.e., a concentration below the average carbon concentration, are en-

countered when the ferrite disappears. Thus, the austenite is always

still nonhomogeneous at this point in time.

The carbon distribution in the austenite in the transformation

process is determined by the differential equation of diffusion. Using

this equation to compute the over-all carbon content in the austenite

at the moment of ferrite disappearance, it can be shown that under any

heating conditions of the pearlite, the cementite will be retained for

a certain time after the ferrite lamellae have disappeared completely.

AA,

tI

Fig. 3. Diagram of isothermal formation of austenite
in hypoeutectoid steel.

In accordance with the above, we may distinguish three stages in

the P -.A transformation: I) propagation of the austenite through all

ferrite gaps; II) solution of the residual cementite; III) equalization

of the austenite carbon content.

The relative durations of the individual stages, and particularly

of the culminating stage III, are important for practical purposes.
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In this stage, concentration equalization is an exponentially

damping process. Normally, the process is regarded as complete when

the concentration gradient drops below a specified value 6c. Evalua-

tion on the basis of simplified mathematical diffusion models [21]

gives, for example, for isothermal formation of austenite in steel U8

at 8000, 6c = 0.04% (i.e., the austenite is regarded as uniform when

its carbon content varies by +0.02% C from the average) and 2A = 1.2 p

(coarse pearlite): tI = 0.038 sec, t 2 = 0.023 sec and t = 0.024 sec,

i.e., all three stages take approximately the same. time.

In the presence of structurally free ferrite, the transformation

front advances not only into the interlamellar spaces of the pearlite,

but also into the free-ferrite grains adjacent to them. However, since

the diameter of the grains Dz >> A, the austenite front makes virtually

no advance into the ferrite grain during the entire conversion of the

pearlite. Thus we may assume that the transformation of the ferrite

grain begins after the transformations in the pearlite have been com-

pleted. Isothermal transformation of ferrite into austenite consists

of two successive stages - first the diffusion front of the transforma-

tion reaches the middle of a ferrite grain and the free ferrite van-

ishes, and then the carbon contents in the former ferrite and pearlite

grains are equalized. The durations of both stages are again limited

by the rate of carbon diffusion in the austenite. If the average path

of the transformation front 1 = D/2, then we may assume in analogy to

the corresponding evaluations for pearlite that the transformation

time is approximately (1_/A) 2 times longer than the pearlite-transforma-

tion time (since the concentration gradient also diminishes in propor-

tion to the increase in diffusion path).

In the general case, the path 1 is determined by the grain size

of the ferrite and the quantity of ferrite in the steel. Thus, with an
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approximately uniform grain size in a steel with 0.76% C, the measured

average was 1 = 3 ý [2], while it was 5.1 p. in a steel with 0.41% C

and 8.7 V in a steel with 0.24% C. Then, if for isothermal transforma-

tion of pearlite at 8000

tp = tI + t2 + t 3 0.085-sec,

then for full transformation of the hypoeutectoid steel at 8000" tp+f

- 2.1 sec with 0.76% C and 5.4 sec with 0.41% C.* According to the di-

agram of state, the transformation does not go to completion at all if

the temperature of the isotherm is below A

The sequence of transformations described above is summarized in

Fig. 3 in a schematic diagram of isothermal formation of austenite in

a hypoeutectoid steel. The diagram applies to initial structures of

ferrite + pearlite. The transformation begins immediately on attain-

ment of the point A,.** The lines 1, 2, and 3 refer to transformations

in the pearlite: 1 corresponds to the disappearance of the ferrite

spaces, 2 to disappearance of the cemcntite and 3 to homogenization of

the austenite in the former pearlite grain. In contrast to the cooling

transformations, both the number of centers and the rate of growth in-

crease simultaneously on heating, so that.the curves approach the tem-

perature axis monotonically as the temperature rises. The line 4'cor-

responds to disappearance of the free ferrite (and 4' to suspension of

austenite growth at temperatures below A3 ), and line 5 to homogeniza-

tion of the austenite throughout the entire volume of the steel. The

limiting value of the residual nonuniformity 6. must be specified for

the homogenization lines 3 and 5.

Such a diagram of state was first constructed for steel U8.by I.L.

Mirkin and M.Ye. Blanter [3], who plotted lines 1, 2, and 3 and inter-

mediate lines corresponding to specific austenite percentages. Diagrams

were recently constructed [4] for normalized steels with 0.15, 0.34,
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0.66% C and a line 4 as well.

The quantity of austenite A in the isothermal transformation P -- A

varies in time in accordance with the law

where t is time and T and _q are constants [4].

The kinetic curves for hypoeutectoid steels have a sharp break

corresponding to transition from transformation in the pearlite to

transformation of the free ferrite. Both stages follow Eq. (l), but

the constant q changes sharply (decreases) when one process is sup-

planted by. the other [4].

In alloy steels, the transformation P A involves a very long

process of redistribution of the alloying elements.* The distribution

of the elements between the carbides and ferrites in pearlite is quite

nonuniform and depends on the composition of the alloy and its initial

heat treatment (annealing, refinement, normalization)..** The carbide-

forming elements are present preferentially in the carbides, and the

noncarbide-forming elements in the ferrites. Thus, the cementite in

steel 7Kh3 after tempering at 6500 for one hour contains 15% Cr [6].

Here, accordingly, the ferrite will contain only 1.7% Cr. The-chromium

diffusion coefficient in austenite with 0.8% C at 8000 is D = 2-10-12

cm2 /sec [7], i.e., four orders lower than for carbon. Hence redistrib-

ution of the chromium begins for all practical purposes after forma-

tion of the austenite has been completed.

If the austenite is regarded as homogeneous when the chromium-

concentration variations lie within +0.05% Cr, then for this steel

with pearlite 2A = 1.2 V at 800W , an estimate calculation [21] gives a

total chromium homogenization time in excess of 15 minutes. It is clear

from this example that even for medium-alloy steel, disappearance of
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carbides does not attest to uniform distribution of the alloying ele-

ments, which requires a much longer holding time. Moreover, austenite

that is nonhomogeneous with respect to chromium cannot be homogeneous

with respect to carbon either, since here a gradient of carbon activity

would arise and cause upward diffusion. Nonuniform distribution of al-

loying elements inevitably maintains a carbon nonhomogeneity, so that

the leveling process proceeds concurrently. As a result, homogeniza-

tion of alloyed austenite with respect to carbon may take thousands

of times longer than in the case of carbon steel.

The influence of alloying on the diagram of the isothermal P-. A

transformations has not been systematically studied. The carbide-

forming elements such as, for example, Cr, W, and Mo, retard the forma-

tion of austenite; graphite-forming nickel accelerates it [4, 22].

The kinetics of austenite formation acquires the significance of

a decisive heat-treatment factor when production employs heating at

high rates with internal heat sources (induction or contact electric

heating elements). Here, isothermal holdings are normally not provided,

and the kinetics is described by a diagram in which the extent of

transformation is represented as a temperature function for a certain

constant heating rate. With other heating methods, the heating rate

varies with temperature*; the heating rate vf in the phase-transforma-

tion interval should serve as the parameter uniquely defining the kin-

etics of the transformations.

As a result of the lack of time, equalization of carbon concentra-

tion in the austenite is arrived at on continuous heating at tempera-

tures much higher than the equilibrium point. The nonuniformity of the

austenite after quick heating changes the kinetics of transformations

that take place during cooling and the structure and properties of the

transformat ion products.
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With continuous heating .of pearlite, the same three transforma-

tion stages make their appearance as in isothermal transformation. The

higher the heating rate, the higher will be the temperature at which

the transformation of pearlite into austenite is completed and the.

lower will be the carbon concentration in the centers of the former.

ferrite lamellae at this point in time. Ju.t;as. ii the hypoeutectoid -

steel, the austenite that .forms when the last. volumes of ferrite d"is-

appear will be poorer iln carbon the higher the-heating rate..*

The greater the overheating of the untransformed" cementite, the '

higher will be the. carbon content in the austenite adjacent to it. The -

highest concentration is determLned by -the point of the line SE at the

terminal temperature of solutibn.-iIt does not depend directly on the

carbon content in the steel', but"'."is determined by the heating rate and

the dispersion of the initial structure. In the diagram of Fig. 5, the

upper curve indicates the change in concentration in the richest vol-

umes of the austenite and the lower curve the same variation in the

poorest volumes for heating at a constant rate.'

In accordance with the diagram of state, the zones of poorest aus-

tenite form at the end of stage I, while the richest zones form at the

end of II. In stage III, the nonuniformity is leveled. (Concentration

leveling also proceeds during stage II, but it affects only the poor

volumes, while the maximum conce.ntration, is still increasing.) With

high heating rates (broken line in Fig. .5), the deviation from the av-

erage concentration increases in-both rich and poor volumes. The dia-

gram of Fig. 5 is confirmed qualitatively by numerous experimental re-

sults. For example, the retention of interlamellar ferrite at rather

high overheating temperatures is ihdicated by the fact that when eutec-

toid steel with coarse-lamellar pearlite is heated at a rate of 8000 C

per second, magnetic transformation of ferrite is observed [9], i.e.,
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O. N I, the ferrite lamellae. aie to some extent

nup me Ieepa•,.f#u~we','lau retained 50 above point A,.

-3 Reference has already been made to

SMaiIN the nonuniformity of martensite in eutec-
2 Oalluam#,*

toid steel that has been hardened from

- I•, J'induction heating in connection with the

V V V9 4•Its 9 .56 VO Its formation of a "pseudopearlite" struc-
5 C91•#411 V,,o5.%&

Fig. 4. Regions of exist- ture with high hardness. Yet another

ence of various types of fact: on x-ray diagrams, the doublet due
austenite-forming proc-, ~esses in heating. 1) Dif-
essesion heansfomati. 1 Dto the tetragonal structure of the mar-fusion transformation +

+ transformation along tensite after high-frequency hardening
mosaic-block boundaries +
+ purely polymorphic
a-Fe -+ 3-Fe transforma- is not separated even in cases where

tion; 2T vf, OC/sec; 3) there is distinct separation [11] after

diffusive transformation +
+ transformation along ordinary hardening. A direct experimental
mosaic-block boundaries;
4) region of exclusively proof is given by analysis of the line
diffusive transformations;
5) carbon content, %. shape on the x-ray diagrams [10]. With

Sc increasing carbon concentration, the
%a

tetragonal structure of the martensite

S, ..is intensified, so that, in contrast to

V -ordinary hardening, the photometric

_ _ _ _ curve of the (110) line is overlaid in

2rem#nepam;pa.C cases of nonuniform martensite by a se-

Fig. 5. Range of carbon ries of curves of various heights that
concentrations in austen-!
ite (hatched) during proc- are similar to it and displaced toward
ess of P -. A transforma-
tion during continuous smaller angles 0 (i.e., toward higher
heating (schematic). 1)
Quantity of carbon in aus- carbon contents), which gives rise to
tenite, %; 2) temperature,
0 C. asymmetrical blurred lines. The carbon

content in the richest volumes of the martensite may be estimated from

the degree of smearing. Thus, in steel 20 that has been hardened from
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8400 at vf = 130°C/sec, there are zones of martensite with 1% C, which

corresponds to completion of the pearlite-solution process no lower

than 8000.

In the eutectoid steel, the carb on6o0iAtbt rose to 1.95% in iso-

lated volumes of the martensite; this figUre corresponds to retention

of cementite up to 11300 [11]

Two types of marten'site nonuniformity - fine and coare - a rie pos-

sible in hypoeutectoid steels. The fine nonuniformity occurs only in

former pearlite grains and is detected by the presence of hypereutec-

toid-concentration martensite in them (which is inevitably coupled

with the presence of impoverished regions also).' Here the carbon con-

centration fluctuates with a period equal to the interlamellar dis-

tance of the initial pearlite. The range of variIation may be 0-2.0%.C.

Coarse nonuniformity consists in differences in carbon content among

the former pearlite and ferrite grains. Its period is equal to the

size of the initial grain and thef range varies from 0 to 0.8%c. The

carbon-saturation process of the former ferrite grains in steels with

0.2%C was investigated by the radioautogram method [12]. With a grain

size of 0.0 6 -0.08 mm (5 GOST points) and a heating. rate of 30°C/sec,

the coarse nonuniformity vanishes only toward 12500.

The nonuniformity of austenite with reference to carbon and alloy-

ing elements that arises as a result of rapid heating affects the

transforyliations that take place on coollng.

In all cases, such nonuniformity broadens the interval of the

martensite transformation in both directions - both upward and down-

ward (even when the cementite is only partially dissolved). Therefore,

as indicated by the diagrams of Fig. 6, electric heating of carbon

steel may both raise and lower the quantity of residual austenite as

compared with ordinary hardening. In case c (complete solution of ce-
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mentite), there is more untransformed

austenite (hatched region) after elec-

".00o a tric heating. In case d (incomplete so-

E- MM lution), the average concentration has
-20oo::

•! ,, been shifted toward a smaller carbon con-

>ý'H 4-3 -tent, even though the upper limit of car-
60

q -H 4-) -- 0 bon content has not been depressed, and
14

& (D,0 2 .- .. -- the quantity of untransformed austenite

0.2 Q6 cont end may become lower than after ordinary
Carbon contenT,%.

. . e rdinar -
hardening hardening.

Shh.-
,f ' fl frequiency. A diagram similar to Fig. 5 may

. : •Carbon content also be used in judging the influence of
"", 1Ordinary
""" '•I ardening alloying elements on quantity of residual
SI High- d
ffJ frequency austenite. After quick heating, thereSV/ •ardenln

Carbon content are not only volumes of the austenite

Fig. 6. Formation of re- that have been impoverished in alloying
sidual austenite in car-
bon steels. a) Position elements, but also enriched volumes
of interval of martensite
transformation as a func- (bordering on the alloyed carbides or
tion of carbon content in
original austenite [13]; occupying their positions after solution
b) quantity of residual
austenite (%) as a func- has been completed). The percentage of
tion of carbon content in
original austenite [13]; residual austenite depends on their quan-
c) carbon distribution in
austenite with. full solu- titative proportions, which are deter-
tion of cementite; nonuni-
formity of austenite con- mined in each specific case by the. com-
tributes to retention of
residual austenite; d) pleteness with which the carbides have
carbon distribution in
austenite with incomplete dissolved and that of subsequent homo-
solution of cementite af-
ter quick heating. % Aost genization.
is lower after such heat-
ing despite the formation The difference between the volumes
of isolated volumes that
are enriched with carbon. of the phases participating in the trans-

formation creates a stress field about
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each growing grain of the phase. Here the tangential stresses are far

in excess of the yield point at the transformation temperature. The

plastic deformation produced by the volume effect may have various

mechanisms -- an "athermal" shear mechanism or one of the high-tempera-

ture mechanisms (i.e., one that requires thermal activation to a degree

such that it limits the rate of the process). The y - a transformation

on slow cooling is accompanied by plastic deformation of both types:

the slide shows a family of slip lines in the grains of the a-phase,

as well as slip tracks along the grain boundaries (creep type) [14].

In the process of this "phase work hardening" each elementary vol-

ume undergoes multiple plastic deformation in many directions, but

only by a small amount each time (less than 1%) [15]. The deformed

state is thus distinguished from all other forms of plastic deforma-

tion by highly uniform distribution of the deformation through the

volume and among the slip systems. Such "deconcentration" of the work-

ing raises work-hardness and inhibits polygonization and recrystalliza-

tion.

Austenite that has been work-hardened as a result of the phase

transformation recrystallizes on further heating. This is indicated by

the refinement of the austenite grain that has been observed by metal-

lographic [16] and x-ray [17] means at temperatures above Ac and is
3

accompanied by disappearance of internal texture (i.e., by consistent

orientation of the group of a-grains that form on subsequent hardening

from a single y-grain). Thus, a monocrystal of the martensite of steel

35WhGSA is transformed on heating at a rate of 60 C/hour into an aus-

tenite monocrystal and then, above 900-9500, into a polycrystal [18].

Another fact: heating of coarse-grained specimens of steels 40MiS and

37KhNZ results in formation of a coarse austenite grain that breaks up

to such an extent on subsequent heating above 1150 that a solid ring
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is observed on the powder diagram instead of individual reflections

[171. In the alloy of Fe + 30% Ni, where the austenite is easily super-

cooled to 200, its recrystallization is detected by the change in hard-

ness at 200: the a-* y-transformation is completed at about 500 , and

a new hardness drop is observed after heating above 10000; the latter

corresponds to recrystallization after phas4 iV'rk-hardening: [16j.'

The temperature.range of austenite recrystallization may also6'oc-".

cur below the point A .* Its positibn depends on* the composetion and''

initial structure of the steel, both directly and through the extent

of work-hardening produced by the phase transformation.'

For carbon steels with an initial martensitic structure heated at

a rate of 100°C/sec, the recrystallization temperature diminishes with

increasing carbon content:

Carbon content, % 0.07 0.15 1.0

Trekr, OC ........ .. 1160-1200 1000 900

The recrystallization temperature determined naturally depends on

the holding time and, in the case of continuous heating, on the heat-

ing rate. Thus, recrystallization had already taken place at Ac1 when

steel U8 was heated with the furnace; it occurred at 8500 on heating

of hardened steel at a rate of 100 0 C/sec and at 9300 with 1000°C/sec

[16].

The recrystallization temperature also depends on the extent and

mechanism of deformation in phase work-hardenlng. Thus, when the heat-

ing rate of steel ShKhl5 .(with an initial martensite s.ructure) was

raised from 180 to 1000 0 C/sec, the temperature at which the internal'.

texture is destroyed does not rise, but, quite the contrary, drops

from 1050 to 8600 as a result of a lower degree of work-hardening in.

slow heating [161 (most of the deformation is of the creep type).**
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Manu-
script [Footnotes]
Page

No.

26 Like the rate of reactive diffusion in general, the rate of
solution of.the carbides in the austenite depends on the-dif-
fusion coefficients and thermodynamic activities of carbon
in both phases. To judge.from the appearance of high-carbon
.martensite at-high heating rates of the pearlite (see below),
the limiting. process In carbon steel would be diffusion of
the carbon in the austenite (as will also be pointed out in
the subsequent exposition). This assumption may be found in-
applicable for low-solubility alloyed carbides. Unfortunately,
we cannot indicate the limits of its applicability, since
there are no data at all concerning the solubility limits
and diffusion, coefficients of carbon in carbides.

29 A more exact calculation will give an even longer transforma-
tion time, since in this case, in contrast to the P- A
transformation, the carbon concentration in the original aus-I
tenite drops .even in the first stage. Experimentally con-structed diagrams [3, 4, 23] usually give a much longer iso-
thermal-transformation time, since a considerable part of
the time is occupied by heating the specimen to the isotherm
temperature (provided that special measures are not taken,
the heating rate drops off rapidly as we approach this tem-
perature).

29 An incubation period - a time prior to the formation of the
first austenite seed - is also theoretically possible, al-
though it has not been detected experimentally. The "incuba-
tion period" noted by a number of authors who constructed
isothermal diagrams for heating in baths [3, 4] would appa-
rently actually represent the time required to heat the
specimen, since it is greatly reduced when the specimen is
preheated below Al.

30 The P + F - A transformation is of lesser interest, since
high-alloy steels usually contain no free ferrite, while in
low-alloy steels the original nonuniformity in the alloying-
element distribution is of little import.

30 Since many hours of high tempering are frequently required
to reach equilibrium distribution of the alloying elements
[5], the A1 point of the diagram is determined experimentally,
essentially for the initially nonuniform structures. Hence
the position not only of Ac1 , but also that of the equilib-
rium point A1 will vary as functions of the prior treatment
procedures, and this circumstance must be taken into account
in determining the critical points for a steel.

31 The rate drops off particularly sharply in induction heating
at the *point in time when the magnetic properties are lost,
i.e., on passage through the Curie point or with disappear-
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Manu-
script [Footnotes (Continued)]Page

No.

ance of the ferrite. As a result, it is practicallyexpedient
to divide the induction period into two stages [8]. The rate
in the second stage is 5 to 25 times smaller than in the

.,first.

32 Formation of austenite by another mechanism is possible at
very high heating rates. The retention of free ferrite up to
high temperatures may result in seeding of austenite within'
the volume of carbon and nitrogen segregations along the
block boundaries [20] (without an external supply of carbon),
and at even higher heating rates to the polymorphic F -. A
transformation. The region of existence of these processes
is indicated on Fig. 4.

37' V.D. Sadovskiy [16] assumes that it is precisely this aus-

tenite recrystallization point and not the Ac3 point was dis-

covered by D.K. Chernov and designated as point b.

37 In this case, there is a possibility that the absence of
chromium redistribution during tempering in the rapid-
heating process is making itself felt here [19], since thefine nonuniformity of the alloy with respect to chromium
must retard recrystallization.

Manu-
script [List of Transliterated Symbols]
Page

No.

28 z = z=zerno =grain

29 n = p = perlit = pearlite

29 D = f = ferrit = ferrite

35 OCT = ost = ostatochnyy = residual

37 peKp = rekr = rekristallizatsiya = recrystallization
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Chapter 35

THE MARTENSITIC TRANSFORMATIONS

1. INTRODUCTION 
04

A transformation of austenite that results in the formation of

martensite, which is the basic structural component of hardened steel

and determines its properties, is known as a martensitic transforma-

tion. The transformation of austenite into martensite (A - M) has a

number of special properties that distinguish it clearly from all

other transformations in the solid state. These singularities were

first detected in steel. It was subsequently found that transforma-

tions possessing the characteristic features of the A -M transforma-

tion are observed in many metals and alloys and represent one of the

chief forms of transformation in the temperature region in which dif-

fusion and self-diffusion processes take place slowly.

The basic criterion of the martensitic transformation - that

which determines all of its other special properties - is the unique

mechanism by which the crystals of the new phase form. This mechanism

consists in cooperative and regular displacement of atoms in which

they are shifted relative to one another by distances that do not ex-

ceed the interatomic distances; the result of the atomic readjustment

is a macroscopic shear (a shape change in the transformed volume in

the form of a macroscopic shear). The superficial criterion of this

mechanism is the relief that forms as a result of the transformation

on a polished surface. The cooperative nature of the atomic displace-

ments in the reconstruction, i.e., its interrelated and ordered nature,
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makes the transformation possible at low temperatures at which diffu-

sive migration of the atoms is extremely rare. The order in the atomic

displacements also accounts for the retarding effect exerted on the

origination and growth of martensite-phase crystals by the appearance

-•f large disruptions in the regularity of the initial-phase structure.

The shearing nature of the lattice reconstruction results in the

appearance of considerable elastic deformations during the martensite

crystal's growth process and is responsible for the strong influence

exerted by stresses on the kinetics of martensitic transformations and

a number of other singularities.

The mechanism by which crystals of the new phase form would also

appear to be responsible for the limited isothermal course of the

transformation, which extends it into a region of temperatures [sic];

this is one of the chief singularities of martensitic transformations.

The intense interest that has long been shown by metallurgists in-

the nature of the transformation of austenite into martensite is due,

on the one hand, to the fact that the problem of hardening of steel is

related to it and, on the other hand, by the unusual nature of this

transformation. The opinion has been expressed that the special nature

of the transformation is to a major degree responsible for the high

hardness of quenched steels.-

It was known even at the beginning of the present century that an

increase in cooling rate results not in an increase in the quantity of

untransformed austenite, but, on the contrary, in a reduction; quench-

ing in water produces a larger quantity of martensitein the hardened

steel than does quenching in oil. Also extraordinary was the fact that

the residual austenite, which remains constant for a long time at room

temperature, undergoes transformation into martensite when cooled to

the temperature of liquid air.
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Study of the nature of the cooling curves [1] and establishment

(just before nineteen-twenty) of the fact that the martensitic trans-

formation takes place at temperatures considerably lower than the eu-

tectoid point represented an important stage in the development of re-

search on steel hardening. During the 'twenties, the results of x-ray

examination of the crystal structure of. martensite [2, 3] gave rise to

a conception of martensite as a supersaturated solid solution of car-

bon in a-iron. It was shown that the transformation of austenite into

martensite takes place without decay of the solid solution and con-.

sists only in a change in its lattice [4]. During these same years,

the strong influence of stresses on the transformation of austenite

into martensite was established and an analogy was observed between

the nature of martensite-crystal formation and deformation twinning

[5-7]. The detection and definition of the laws governing the lattice

orientation of martensite with respect to the lattice of the initial

austenite [8, 9] provided a basis for developing the crystallography

of steel hardening and conceptions as to the mechanism of the atomic,

readjustment in the process in which austenite becomes martensite. The

microkinematic research carried out at the beginning of the nineteen-

thirties [10, 11] confirmed the concept of the analogy between the

processes of martensite-crystal formation and twinning. The formation

time of the martensite crystals was found to be less than a hundredth

of a second, and further growth of the crystals was not observed.

During the 'thirties, the kinetics of the austenite-martensite

transformation were studied in detail and its peculiar properties es-

tablished: the transformation takes place basically during cooling;

the initial temperature of the transformation (point M) does not de-

pend on cooling rate; this point descends with increasing carbon con-

tent, and its position is influenced by alloying elements [12-15]. Ob-
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jects of study-were the influence of plastic deformation on the trans-

formation and the influence of the manner of cooling on its course;

the phenomenon of austenite stabilization and others were established

(16-20].

The qualitative laws and singularities of the austenite-to-marten-

site transformation, which were first established for the most part in

the USSR and Germany, were confirmed at the end of-the nineteen-thir-

ties by American investigators [21, 22].

Experimental data on the kinetics of the transformation, its crys-

tal-structural and microstructural nature and the great importance of

stresses resulted in hypotheses being advanced to the effect that the

A - M transformation is not a process in which nuclei form and then

grow, that its rate is independent of temperature, that the transforma-

tion is an athermal process, and that its mechanism consists in abrupt

reconstruction ("inversion") of the lattice. The cause of the trans-

formation itself was sought in the appearance of shearing stresses on

cooling [7, 23-25].

Research carried out during the nineteen-thirties into the P-phases

of copper-aluminum, copper-tin and copper-zinc alloys indicated that

transformations similar to the A - M transformation also take place in

other alloys [26-30]. Not only were the same qualitative relationships

established for diffusionless P-phase transformations as for the aus-

tenite transformation, but a new phenomenon was also detected - the

reversibility of the martensite transformations [30-32]. Study of the

transformations in these alloys made it possible to regard the marten-

site phases as crystalline modifications of the solid solution [33].

Since these transformations take place in the absence of diffusive de-

cay processes, i.e., take place without concentration changes, it was

suggested that they be treated as phase transformations of single-
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component systems similar to the polymorphic transformations of pure

metals. A consequence of this was the conception of the martensitic

transformation as a process in which nucleli.form and-sabsequently grow I
[34], one subject to the general laws of phase tran.formations. The,

development of this conception and the assumption that martensite

crystals grow coherently [35] made it possible during the postwar

years to detect new phenomena surrounding the martensitic transforma-

tion: the temperature dependence of the rate of martensitic transforma-

tions [36] and the thermoelastic equilibrium in such transformations

[37].

During the postwar years, the principalresearch trends were: i)

study of the qualitative laws involved in the tempera ture-dependenceii' /

of the martensitic transformation and ascertainment of the nature ofr

the martensite nuclei [56-73, 79-81, 1081 109]; 2) further study of

the part taken by stresses In the martensitic transformation and de-

velopment of a stress theory [74-79]; 3) study of the crystallography

of the martensitic transformation and development of conceptions of

the crystalline-structural mechanism of the transformations [38, 103-

106].

2. MARTENSITE

The Crystal Lattice of Martensite

Martensite is a structural component of steel that appears when

it is cooled sharply after heating above the critical point and the

one responsible for the high hardness of quenched steel. A large num-

ber of martensite crystals form in each grain of the original austen-

ite (Fig. 1); these normally take the form of lamellae. The thiclkess

of the plates is at least one order smaller than their size in direc-

tions perpendicular to it. The size of the martensite crystals depends

on the state of the austenite grains. The more uniform and perfect the
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Fig. 1. Characteristic microstructure of iArtenhsit~e.
200 x. a) Martensite- b) martensite +.austenite.-

crystalline structure of the austenite, the coarser will be the mar-

tensite crystals formed from it. The martensite crystals that form

.,when the austenite-grain structure is highly nonuniform and its crys-

.tal structure is imperfect may be very small.

• •'I- " *IID*.5 .0 21,'. I ", "

• . S I I"

7 .. ... ..

b .4.

I~ \

Fig. 2. X-ray diagrams of a) a-iron (lattice
of body-centered cube); b) hardened steel with
1..4% C - martensite (body-centered tetragonal
lattice) and austenite (face-centered lattice)

Martensite crystals have &,centered tetragonal lattice (Fig. 2)

similar to the lattice of a-iron and deviating farther from it as the

carbon content in the steel rises [2, 3].
The following experimental results from research into the crystal

lattice of martensite in carbon steels are important for understanding
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Fig. 3. Lattice parameters a and c of martensite2as
functions of carbon contents a) fsr steels contain-
ing mote than 0.6% C [3, 38] (upper curve for c.;
lower curve for a); b) for steels containing from
0.2dto 0.6% -C [has.1) Martensite lattice parameters
a and c, kX; 2) 4*ca~rbon content, %; 3) c/a ratio.

the nature of martensite [2-4., 33, 39-41]:

1) the lattice constants do not depend on the hardening tempera-4

tu~re for a given steel composition, provided that hardening is con-

ducted from the single-phase austenite region and the cooling rate is..

high enough;

2) the lattice-constants a and c do not depend on cooling rate if

the latter is above the critical rate necessary to prevent decay of

austenite and tempering of the martensite during cooling.;

3) the lattice constants a and c do not depend on the carbon con-

centration in the steel if hardening is conducted from a given tempera-

ture in the heterogeneous region (between Ac1 and Ac 3 );

4) if the steel is quenched from the single-phase austenite re-

gion and the cooling rate is adequate to prevent decay of austenite

and tempering of martensite, then the lattice constants a and c depend

only on the carbon'content in the steel (Fig. 3); this dependence may

be described with sufficient approximation by the following equations:
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ta - I +O0,0467p:
C =or* + 0;118•;

a = - 0.015P.

where p is the percent by weight of carbon in the steel and aFe is the

lattice constant of a-iron (2.861 A).

It follows from the above experimental data that: 1)., martensite

.is a saturatsd solid solution of carbon in a-iron; 2) the lattice con-

stants of martensite are determined by the carbon content in the ini-

tial austenite; 3) martensite contains in solution as much carbon as

was dissolved in the initial austenite. This last conclusion implies

,that the transformation of austenite into martensite is diffusionless,

,/takes place without changes in the concentration of the s.olid solution

.j , and consists solely of lattice changes.

As in the austenite lattice, the carbon atoms in the martensite

lattice are situated in its interstices. They are located in the lat-

tice pores-

between the iron atoms arranged in the direction of the tetragonal

axis. The carbon atoms are distributed statistically in these lattice

pores.

Structural Singularities of Quenched Low-Carbon Steel

The untempered martensite cannot be fixed by quenching in carbon

steels containing less than 0.6% carbon; partial tempering of the mar-

tensite has time to occur even during the sharpest quenching process

[39]. Untempered martensite is easily obtained in hypereutectoid steels.

The lower the carbon content, the higher must the cooling rate be to

produce undecayed martensite. This is due to the elevation of the mar-

tensite point that occurs when the carbon content diminishes and the

sharp increase in the martensite decay rate with rising temperature.
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The degrees of decay are different in different crystals because of

the propagation of the A - M transformation over a rather wide range

of temperatures [4, 39, 42, 33, 53]. This is due to the great nonuni-

formity of the tetragonal structure of quenched low-carbon steel.

Undecayed martensite with a definite (depending on carbon content)

ratio between the axes of the tetragonal lattice can be produced in

steels containing even less than 0.6% C by adding alloying elements

that lower the martensite point. This method has made it possible to

produce undecayed martensite with carbon contents of 0.6-0.2% [43, 14].

The c/a values found conform to the linear relationship established

for steels containing less than 0.6% C (Fig. 3b). The ratio between.

the tetragonal-lattice axes thus is determined by the carbon content

in the steel and is virtually independent of the alloying-element con-

centrations [102].

The decay rate of martensite is governed not only by the mobility

of the atoms, which increases rapidly with temperature, but also by

the degree of solid-solution supersatura-

-" tion, which is the motive force for the.

- - -decay. In steels with very low carbon

- - content (-0.1% and less), therefore, de-

4 V • spite the relatively high temperature at

which the A -. M transformation begins
-- - (about 5000), undecayed martensite is

4*2 4W 4N 4W 5W -- ,-

*:' 2Caie cuePlE~m. nevertheless produced on sharp cooling.

Fig. 4. Width of (211) in-' This is attested to by the dependence of
terference line as a func-
tion of carbon content in the width of an x-ray interference line
steel [45]. 1) Width of
(211) line., mm; 2) carbon on carbon concentration in low-carbon
content, %.

steels (Fig. 4) [45].. Generally, the

sharp cooling in quenching of these steels is necessary not to prevent
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decay of martensite, but to delay segregation of ferrite and the nor-

mal ("diffusive") y- a-transformation above the martensite point.

Thus the conditions for producing the quenched steel here include not

only sharp cooling, but also heating to high temperatures (l000-12000).

The latter is necessary to "heal" crystal-structure disturbances in

the austenite, which facilitate formation of a-phase nuclei. It has

even been possible, by heating above 11500, to harden iron containing

less than 0.01% C, i.e., to prevent "normal" formation of a-phase nu-

clei and effect the y -a-transformation by the martensitic mechanism

[461.

The elementary cell of the martensite lattice in pure iron is ob-

viously the same as in annealed iron. The martensite crystals of pure

iron differ from those of annealed iron only as regards their physical

state (size, shape, crystal-structure disturbances). The dissimilar

physical states are due first to the difference between the crystal-

formation mechanisms and, secondly, to the difference between the tem-

perature regions in which they are formed (lower mobility of atoms in

martensitic transformation). The martensitic mechanism and the low

atomic mobility result in a state that is frequently known as "phase,

hardening."

At carbon contents as low as about 0.01% and above, the martensite

crystals differ from those of annealed a-iron not only in physical

state, but also by the presence of dissolved carbon. While (up to a

certain carbon content) the martensite lattice remains cubic, the car-

bon atoms are located in the lattice between iron atoms along any of

the three tetragonal axes of the cube and, possibly, in other pores as

well. Apparently, the. martensite lattice remains cubic even with a

content of 0.1% C; this has not yet been established by direct measure-

ments of the lattice constants due to the inadequate measurement pre-
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cision. At a carbon content as low as 0.2%, the tetragonal lattice is

distinctly indicated [44]. Correlation in the carbon-atom distribution

and tetragonal symmetry probably appear at carbon contents between 0.1

and 0.2%.

Static' Displacements (Distortions of the Third Kind) and Bonding Forces

The presence of carbon atoms that have penetrated into the iron

lattice results in shifts of the iron atoms away from their ideal lat-

tice positions. These displacements will obviously be greatest for

atoms that are in the immediate vicinity of a carbon atom and will di-

minish with increasing distance from it. Here, the displacements in

the direction of the tetragonal axis should be considerably larger

than the displacements in the perpendicular directions [33].-This con-

clusion follows from the fact that the presence of carbon in solution

gives rise to a sharp change in the av-

A. --- - erage distance between iron atoms along

- -the c axis and a slight change along the

I t o - a axes, as will be seen from the rela-

-tionship shown above (see Fig. 3) for

-. the lattice constants a and c as func-

0 41 -i a 1 if tions of carbon content. This is also

Fig. 5. Static distor- consistent with the hypothetical coor-
tions of martensite crys-
tal lattice as a function dinates of the carbon atom in the marten-
of carbon content in
solid solution [50]. 1) site lattice: the distance between car-(V2 1i/2 1-2A )cro
(U-st) 10 A;2) carbon bon and iron atoms in the direction of
content, %.

the c axis is considerably shorter than

the distance between them in the perpendicular plane.

Determination of the mean-square displacements of the iron atoms

from their ideal positions in the lattice has confirmed this hypothesis

[47, 48]: the mean-square displacements in the direction of the tetrag-
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onal axis were twice as large [49]. Figure 5 shows the mean-square dis-

placement of the iron atoms (without taking anisotropy into account)

as a function of the carbon content in the steel [50].

The presence of carbon atoms dissolved in the a-iron not only re-

sults in disturbance of the regular periodicity of the atomic arrange-

ment in the lattice, i.e., in static displacements of the atoms in the

martensite lattice, but also weakens the interatomic bonding forces,

and to a greater degree the higher the carbon content. This follows

from the observation that at a given temperature, the mean-square de-

viations in thermal agitation of the atoms in the martensite lattice

are larger than in the a-iron lattice [50]. Accordingly, the Young's

modulus of quenched steel diminishes with rising carbon content [5i].

Regions of Coherent Scattering and Distortions of the Second Kind

The static displacements of iron atoms in the martensite lattice,

i.e., the absence of rigorous periodicity in the arrangement of the

atoms at short distances (as we pass from one cell to the adjacent

cell), which are due to the presence of carbon atoms interstitial in

the iron lattice, is not the only form of disturbance to which the

ideal crystal-lattice structure of martensite is subject. It is char-

acteristic for martensite crystals that the regions of coherent x-ray

scattering (blocks), i.e., regions of the crystal in which the posi-

tions of the atoms are interrelated by the periodicity of the lattice,

are extremely small in size - of the order of 200-300 A [52]. Within

the limits of measurement error, the size of the martensite-crystal

blocks does not depend on the carbon content in the steel - beginning

with pure iron (and carbon-free alloyed iron as well) [46] and extend-

ing to a steel with 1.4% C. The block size is most reliably determined

on martensite crystals that have been electrolytically deposited from

quenched steel. In this case, blurring of the lines on the martensite
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x-ray diagrams is due chiefly to the small size of the coherent-scat-

tering regions. The entire part of the line broadening that is due to

the presence of stresses of the second kind is absent on x-ray diagrams

of a powder consisting of isolated martensite crystals [54].

Severe distortions of the second kind, i.e., nonhomogeneous elas-

tic deformation of microregions, is another characteristic of the phys-

ical state of the martensite crystals in quenched steel [45, 52]. Eval-

uated on the basis of line width, the elastic deformation Aa/a has a

value of 2.5-10-3-3.0-I0-3 even in specimens of steel containing 0.1% C,

i.e., it is several times larger than distortions of the second kind

in cold-deformed iron. With high carbon contents, the quantity Aa/a

may reach values near 10-2 [52].

The magnitude of distortions of the second kind rises sharply as

the carbon content in the martensite increases. While the dimensions

of the blocks remain the same irrespective of whether the martensite

crystals are in a piece of quenched steel or have been electrolytically

deposited (isolated), large distortions of the second kind are observed

only in monolithic, relatively large specimens, and these distortions

are almost completely absent in isolated martensite crystals. This

means that each martensite crystal in quenched steel is elastically

deformed by forces exterior to it. When it is freed from its environ-

ment, the elastic deformation vanishes, together with that part of the

line blurring which is proportional to the tangent of the deflection

angle and independent of the x-ray wavelength.

Thus, research into the crystalline structure of martensite indi-

cates that such structural details as the magnitudes of the lattice

constants a and c and tetragonal symmetry, the significant static dis-

placements of the atoms from their ideal positions in the lattice (dis-

tortions of the third kind) and the small size of the coherent-scatter-
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ing regions are internal singularities of the martensite crystalline

structure. Here, the small block size represents a common property of

marten~ite crystals - both in pure iron (or in alloyed carbon-free

iron) and in steel, i.e., in the supersaturated solid solution of car-

bon in a-iron. The tetragonal lattice constants.a, and c and the mean-

square displacements of the iron atoms in the lattice depend on the

carbon content of the solid solution; the values of these fine-struc-

ture parameters increase rapidly as the quantity of this element rises.

A weakening of the bonding forces with increasing carbon content must

also be reckoned among the internal characteristics of martensite crys-

tals; these dictate an increase in the amplitude of thermal agitation.

The lattice constants of martensite, the static displacements and

the increased amplitudes of the atomic thermal agitation (dynamic dis-

placement) are thus determined by the presence of carbon atoms in-

terior to the iron lattice. These structural singularities of steel

martensite arise as a result of the diffusionless nature of the aus-

tenite-to-martensite transformation, i.e., they are the result of

formation of a supersaturated solid solution of carbon in iron. The

small size of the blocks is apparently governed by the growth mechan-

ism of the martensite crystals, i.e., by the mechanism of regular col-

lective readjustment of the iron atoms during the proeess of their

growth. The details of this mechanism are not yet sufficiently clear.

The small block size is not a result of formation of the supersaturated

solid solution. As we noted, it is also characteristic for the marten-

site of pure iron and carbon-free alloyed iron.

Large distortions of the second kind are not a mandatory struc-

tural characteristic of martensite crystals. They arise as a result of

the influence exerted by some of the austenite grains on others due to

shape changes in microregions resulting from both the shearing nature
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of the lattice reconstruction and the increase in volume that accom-

panies it. They vanish when martensite crystals are isolated. Since

martensite crystals take the form of lamellae, it is most probable

that their elastic deformation consists in bending of these elements.

However, distortions of the second kind may serve as a character-

istic of the martensite crystal's strength properties. They may be a

measure of the elastic-deformation limit of these crystals. As we have

shown, this limit depends heavily on the carbon concentration in the

martensite. Due to the presence of carbon atoms in the lattice, there-

fore, the emergence and advance of elementary plastic-deformation

events (emergence and motion of dislocations) under the influence of

external forces is rendered difficult [551.

Nature of High Hardness of Quenched Steel

Two kinds of structural peculiarity inherent to quenched steel

arise during quenching. Firstly, a characteristic micro- and submicro-

structure forms as a result of the martensitic crystal-growth mechan-

ism: a large number of martensite lamellae within each austenite grain

(in low-carbon steels, the austenite is transformed almost completely);

submicroscopic dimensions of the coherent-scattering regions within
I

these lamellae; nonuniform elastic deformation of the lamellae; a con-

sistent crystal-orientation relationship that governs the retention of

some of the importance of the original austenite grain in the behavior

of the quenched steel. Secondly, as a result of the diffusionless na-

ture of the martensitic transformation, the martensite crystals repre-

sent a supersaturated solid solution of carbon in a-iron that does not

exist in the stable state of steel and is absent in slowly cooled car-

bon steel.

Structural changes of the first kind have the same effect on the

behavior of the metals under load as does cold plastic deformation. If
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the martensitic transformation in its pure form takes place when they

are quenched, quenched alloyed iron and quenched pure iron have strength

characteristics similar to those that these materials acquire in the

annealed state with high degrees of cold plastic deformation. Only the

micro- and submicrostructures change in these materials as a result of

the martensitic transformation, in much the same way as occurs in cold

plastic deformation, while the chemical composition of the a-phase re-

mains unchanged. The properties of a-phase crystals do not change

within small volumes.

When steel is quenched, a change also takes place in the proper-

ties of the a-phase crystals themselves in small regions, together

with the above changes in micro- and submicrostructures, since their

chemical composition undergoes changes (as a result of the formation

of the supersaturated solid solution of carbon in a-iron). Here, the

deformation resistance of the crystals themselves increases sharply:

the limit of their elastic deformation rises.

The higher deformation resistance of martensite crystals in steel

as compared with the crystals of a-iron is obviously due chiefly to

the presence of carbon atoms interstitial in the iron lattice.

Thus, the increase in the steel's deformation resistance as a re-

sult of quenching is due, on the one hand, to the formation of a char-

acteristic fine micro- and submicrostructure in the grain and, on the

other hand, to the high elastic-deformation limit of the actual mar-

tensite crystals that results from the presence of the carbon dissolved

in them. The first factor exerts an influence that depends little on

carbon content, while the second becomes more important as the carbon

content in the martensite rises and is the principal factor governing

the high hardness of quenched steel [55].
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3. TRANSFORMATION OF AUSTENITE INTO MARTENSITE

Transformation on Cooling

The basic qualitative laws and singularities of the A . M trans-I

formation during continuous ý'coolingare.,-illuminated in References [4,

7, 10, 13, 16, 24, 33-35 3.8, 56]. " 6-ven sufficiently rapid cooling,

the decay of austenitewIh formation obf. the a-phase and carbides may

be delayed, and the austenitemayb.iupercooled' to a temperature con-

siderably lower than th6.eutedtad,'p int. In carbon and low-alloy.

steels, however, it is impossibJr,;to cool"austenite to'room tempera-.

ture under any set of cooling',conditions and thereby obtain pure aus-

tenite after quenching. Below a certain. temperature, which depends, on

the chemical composition of the austenite, a process occurs .in which Al

the austenite is transformed to martensite. The process consists in

formation, within the austenite grains, of considerably smaller marten-

site crystals (sizes of the order of lO-3 to lO-4 cm), which usually

take the form of lamellae, which accounts for the acicular microstruc-

ture of the ground section. The martensite crystals that have appeared.

do not grow, and the transformation continues by formation of new crys-
,!

tals, extending over a broad temperature range. Stopping cooling re-

sults in cessation of martensite-crystal formation. It is necessary to

depress the temperature further to permit the transformation to resume.

The progress of the martensitic transformation on cooling may be repre-

sented by a "martensite curve," which expresses the quantity of mar-

tensite as a function of temperature. The initial temperature of they-

martensitic transformation (the point M or, from earlier investiga-

tions, the Ar" point) is known as the martensite point. Depending on

the position of the martensite point relative to room temperature, the

result of quenching may be a greater or lesser quantity of residual

austenite.
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The position of the martensite point

- - /on the temperature scale and the shape

7, of the martensite curve are determined

4W / chiefly by the chemical composition of

L a / - the austenite. For low-carbon steels

- - (containing less than 0.4% C), the curve
A 4w 7m toi a 9W -to-w

BTcinepmgpem" Vlies above room temperature, and prac-

* Fig. 6. Martensite curves
of manganese steels [79]. tically no residual austenite is detected
1) 0.64% C; 1.0% Mn; 2) ,
0.62% C; 5.1% Mn; 3) at room temperature. For high-carbon
0.60% C; 8.6% Mn. A) Quan-
tity of martensite, %; B) steels, on the other hand, most of the
temperature, °C.

curve is located below room temperature.

The majority of alloying elements likewise displace the martensite

curve toward lower temperatures. Figure 6 shows martensite curves for

certain steels.

The Isothermal Transformation

As we noted above, the transformation ceases when cooling is

stopped. However, the formation of martensite crystals does not stop-

immediately on the specimen's acquiring the temperature of the bath.

For a certain amount of time,. isothermal transformation of austenite

to martensite takes place at a rapidly diminishing rate. The quantity

of isothermally formed martensite is very small in most steels with

technical applications and ranges from fractions of a percent to sev-

eral percent. In certain cases, however, for example in the room-

temperature region for steels with martensite points below 1000, it is

reckoned in tens of percent. Thus, in the case of a martensitic steel

containing 0.95% C and 3.5% Mn and having a martensite point at about

850, 20% of the specimen's volume is converted into martensite at room

temperature within 10 minutes [57]. A considerable quantity of the

austenite present in a carbon steel with 1.6% C is transformed to mar-
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tensite isothermally at room temperature, and the transformation goes

on for a long time [58].

In some steels with martensite points below 00, the transforma-

tion may be completely suppressed with sufficiently rapid cooling to

the temperature of liquid nitrogen. In this case, the A - M transforma-

tion may take place on heating to room temperature or by soaking in a

temperature region between that of liquid nitrogen and room tempera-

ture [36, 59].
.For this temperature region, the kinetics of the A M transforma-

tion become similar to the kinetics of the transformations associated

____ , with diffusion processes: the rate of

-rF the transformation depends on tempera-

ture, diminishing as it rises and going

practically to zero at sufficiently low

A. temperatures. Together with this, one of

I I I . the principal singularities of the kin-
_ r,

"Fu detics is retained in this.temperatureFig. 7. C-curve diagram

of isothermal transforma- region as well: the A - M transformation
tion of austenite in mar-
tensite temperature re- does not go to completion at the given
gion for N2 G3 alloy
23.8% Ni, 3.2% Mn) [59]. temperature, but ceases despite the pres-

A) Temperature, oC; B)
log (T + 1). ence of austenite in large quantities.

It resumes at the lower temperature.

An incubation period [60, 61, 62] may be observed in the iso-

thermal transformation. In this case, the martensite point can no

longer be characterized as the temperature at which the'transformation

begins on cooling, since its position depends heavily on cooling rate.

For such steels, it should obviously be designated as the temperature

below which the transformation may take place with sufficiently long

holding.

-58-



The isothermal A -1M transformation may be described by diagrams

similar to those that characterize the isothermal transformation in

pearlite, and particularly in the intermediate region, i.e., by curves

showing the temperature dýpendence of the time required for transforma-

tion of a certain fraction o-.:the austenite, such as 1, 5, 25% and so

forth (Fig. 7). It is adviaPlbe to construct such diagrams for those

steels in which it is-p0ssible by rapid cooling to preserve all of the

austenite until the bath temperature is reached [59, .631.

For steels with martensite points lying between 150 and 2000, the

percentage of martensite that can be formed isothermally is not large.

It may reach a few percent in the initial segment of the martensite

curve, i.e., above 1000, and at low temperatures- below -50e. At room

temperature, there is practicallyno:isothermal transformation in this

case [19, 64, 65, 83, 107].

Influence of Plastic Deformation

Plastic deformation of austenite when cooling is stopped below

the point M normally gives rise to further transformation of the aus-.

tenite to martensite. The quantity of martensite formed when this hap-

pens increases with increasing degree of deformation [17, 66].

Transformation of austenite into martensite also takes place as a

result of plastic deformation at temperatures above the martensite

point. However, the farther the deformation temperature is from the

martensite point, the greater is the degree of deformation necessary

for martensite to appear. Above a certain temperature that is quite

well-defined for each specific steel, plastic deformation no longer

causes the A -ý M transformation (this temperature is frequently known

as the Md point) [7, 67].

Plastic deformation above the martensite point, which does not

produce the A - M transformation, exerts considerable influence on the
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47,

.(i

Fig. 9. Curves showing
A ~temperature dependence of.

initial rate of isothermal
martensitic transforma-
tion (b) for the unde-
formed (*=0) state and

'the 8% and 17% deformed
states. Deformation tern-

Baa perature 1000.dSteel
Khl7N9 (17.2% Cr, 9.1% Ni)

Fig. 8. Transformation of [72]. A) Initial rate of
austenite to martensite transformation [AV/At]
on cooling to 96e and 1ue
heating to2 after vary- . ) t ate
ing amounts of prelim-
inary plastic deformation
"effected at 1000. Alloy
KhK8N8 (18.1% Cr, 8.1% subsequent course of the transforma-)
Ni) [72]. A) Quantity of
martensite, %; B) tempera- tion at temperatures below the de-
ture, OC.

formation temperature (belowrte )

[66, 68-73]. The position of the point M and the shape of the marten-

site curve also change, as does the nature of the isothermal trans-

formation. Here, the martensitic transformation may be activated (i.e.,

the point M raised, the quantity of martensite increased, and the rate

of the isothermal transformation raised) [69, 71] and, conversely,

suppressed [66, 68, 70]. Stimulation of the A - M transformation nor-

mally takes place at relatively low degrees of deformation. If the

degree of deformation is progressively incrteased, the activation ef-

fect first rises, then reaches a maximum and finally drops to zero. A

further increase in degree of deformation gives rise to the reverse
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effect - a drop in the quantity of martensite formed on cooling and a

reduction of the isothermal-transformation rate - see Figs. 8 and 9

[69].

Research has led to the conclusion that as a result of plastic

deformation at temperatures above the martensite point, two types of

structural changes arise simultaneouslýy in the austenite: some-of these

activate the transformation on further cooling, while others have the

opposite effect. Here, the changes of the former type are unstable and

vanish during the holding time at temperatures around room temperature

and below. The second-type changes, are more stable and are eliminated

at considerably higher temperatures. An effect similar to the austenite

stabilization to be described below arises as a result of holding of

plastically deformed austenite at temperatures somewhat above the

point M. The relationship between the structural changes of the first

and second types depends on the deformation temperature, the degree of

deformation and the elastoplastic properties of the alloy [69, 72, 73].

Given a sufficiently high elastic limit of the austenite, the

structural changes of the first type prevail at first over those of

the second type as the degree of deformation is increased (at a con-

stant temperature), and the effect registered is that of activation of

the transformation. At a certain degree of deformation, the maximum

transformation-activation effect is achieved; here, any further in-

crease in the degree of deformation reduces the effect to zero (here

the opposed effects offset one another). However, the existence of

both types of structural change is readily ascertained by holding at

relatively low temperatures (here, the changes of the first type van-

ish, while those of the second remain). As the degree of deformation

is further increased, the structural changes of the second type pre-

vail and retard the transformation. Holding at moderate temperatures
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intensifies this effect [69, 72).

Neutron bombardment of austenite produces effects similar to

those produced by plastic deformation (as regards the laws governing

the development of activation and retardation of the A -M transforma-

tion) [80, 81].

Stabilization of Austenite

Stopping cooling of steel in the martensite range usually results

in the A -M transformation not taking place during subsequent cooling

within a certain temperature region, resuming only after a certain

amount of supercooling (Fig. 10) [18].

This phenomenon is known as stabiliza-4. tion of austenite [7, 18, 82]. Stabiliza-

jtion occurs irrespective of whether or

.M not the isothermal transformation takes
1 2 Teyuepum^T

place when cooling is suspended. If,
Fig. 10. Influence of
holding at room tempera- however, this transformation does occur,
ture on martensitic trans-
formation during further the temperature at which the transforma-
cooling. Steel with 1.17%
C [18]. 1) Magnetometer tion resumes will be lower, and the more 4
deflection, mm; 2) tem-
erature, oC; 3) 33 days; so the larger the quantity of isother-

1) 0 days; 5) 30 minutes.
mally formed martensite [83, 107]. Fur-

ther transformation is retarded particularly sharply when cooling is

stopped in a region below room temperature.

Stoppage of cooling also frequently results in lowering of the

entire low-temperature part of the curve and, consequently, in an in-

creased quantity of residual austenite.

The process responsible for stabilization of austenite takes

place in time. With prolongation of holding when cooling is stopped,

the amount by which the initial temperature of the subsequent trans-

formation is depressed (hysteresis) increases, and the rate of this
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increase becomes smaller with increasing holding time, so that the

process dies out. The rate of the processes governing stabilization

.rises with increasing holding temperature [84].

Crystallography of the Transformation

A large number of martensite crystals appear within the austenite

grain as a result of the transformation. Their size depends on the per-

fection of the crystal structure of the original austenite grain. The

presence of imperfections and inhomogeneity of structure reduces the

size of the martensite crystals, sometimes to such an extent that the

characteristic acicular structure is lost.

A boundary passing along the martensite needle ("center line")

and frequently a transverse twin structure are observed in well-formed

martensite crystals. The martensite crystals are regularly oriented

with respect to the crystallographic axes of the original austenite

grain. The orientational relationship between the lattices of the mar-

tensite and the original austenite is expressed as follows:

• 1o1)m (111)4.

, j , 1.tojA.

i.e., the (101) plane of the martensite is parallel to the (111) plane

of the austenite, and one direction of the martensite-lattice space

diagonal [l1JI, lying in the (lO1)M plane, is parallel to the [110]

direction of the austenite lattice lying in the (lll)A plane. Since

there are four combinations of (111) planes in the austenite lattice

and the martensite lattice may be oriented in six different ways with

retention of parallelism of the (101)M face to one of these four faces,

the martensite lattice may be oriented in 24 different ways in the

same grain [9].

Regularity is observed in martensite-crystal orientation not only

as regards lattices, but also as regards the orientation of the lamel-
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lae themselves, i.e., orientation of the external shapes of the crys-

tals. However, the plane of the martensite lamella is less strictly

oriented, and the planes of the austenite parallel to which the mar-

tensite planes are oriented are not simple [38]. For steels with 0.5-

1.4% C, this plane is near (225)A, while it is near (259)A for higher

carbon contents.

The appearance of relief on a polished specimen surface is charac-

teristic- for the transformation of austenite to martensite. Study of

the nature of this relief indicates that the formation of martensite

crystals is associated with shear in much the same way as in mechanical

twinning [35-38]. The presence of shear is also indicated by changes

in the shape of scratches on a polished section that has been subject

to the transformation. Breaks appear in the scratches on formation of

the martensite crystal, but they remain continuous.

4. MARTENSITIC TRANSFORMATIONS IN METALS AND ALLOYS

Transformations that possess the kinetic singularities of the

A - M transformation take place in a number of metals (Fe, -Co, Ti, Zr.,

Li) and alloys [35, 38]. These include first of all the y -,a trans-

formation of iron alloys, the p-phase transformations of eutectoid

Cu-Al and Cu-Sn alloys and those of the P-phase of Cu-Zn alloys, the

a-a transformation in alloys based on titanium and zirconium, the

-. a transformation in alloys based on cobalt, those in Li-Mg alloys,

and others. Common features in the kinetics of these transformations

include the following:l1) the absence of diffusive migration of atoms;

2) the limited scale of the isothermal transformation, i.e., its cessa-

tion in the presence of a large quantity of the initial phase and the

resulting extension of the transformation over a range of temperatures;

3) shaping of the crystals of the new phase in a manner similar to the

formation of mechanical twins and the resulting shear in the displace-
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ments of the material during the transformation.

In cases where the single-phased state of the alloy is stable

only at high temperatures, the phases formed as a result of the mar-

tensitic transformation are metastable as a result of the diffusion-

less nature of the martensitic transformation. They have lattices that

differ from those of stable phases (for example, 3' and y' in Cu-Al

alloys, P' and P" in Cu-Sn alloys, p', P" and a' in Cu-Zn alloys). if

the alloy is also single-phased at low temperature (for example, the

a-phase of alloyed iron, the a-phase in alloys based on Ti, Zr, Co),

then, as in the case of pure metals, the result of the martensitic

transformation is formation of crystals with the lattice of a phase

that is stable at low temperatures. In such cases, transformation of

the high-temperature phase to the low-temperature phase may take place

as a function of cooling conditions or as a martensitic transformation,

or as a transformation with "normal" kinetics [56]. In the latter case,

the transformation proceeds isothermally to completion and crystal

growth is similar to the grain growth that occurs on recrystallization.

The possibility of transformations of both types is most clearly es-

tablished on the example of the T - a transformation of alloyed iron.

A "reversibility" effect of this process was observed in investi.-

gation of the martensitic transformations in copper alloys: the trans-

formation of the martensitic phases into the initial phases on heating

may proceed like the martensitic transformation as regards kinetics

and the crystal-structure mechanism. In isolated cases, a phenomenon

of thermoelastic equilibrium and the appearance of "elastic" crystals

of the martensitic phases have been observed [37]. This phenomenon con-

sists in the fact that the new-phase crystals grow only on cooling.

The growth ceases when cooling is stopped and resumes when the tempera-

ture is further depressed. A rise in temperature, on the other hand,
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results in a decrease in the dimensions of the crystal and finally in

their complete disappearance. Such phenomena were first detected for

the y•I ' transformation in Cu-Al alloys with manganese or nickel

additives, and then in Au-Cd alloys and others.

5. NATURE OF MARTENSITIC TRANSFORMATIONS

Understanding of the nature of the austenite-to-martensite trans-

formation requires establishment of the causes and motive forces of

the transformation, its mechanism, and the causes of the following

basic singularities of the transfo'mation kinetics:

1) the high rate of formation of the individual martensite crys-

tals and their subsequent failure to grow;

2) rapid damping-out of the process in which new martensite crys-

tals appear when cooling is stopped and the extension of the trans-

formation over a region of temperatures.

Also requiring explanations are such effects as the anomalous in-

fluence of cooling rate on the course of the austenite-to-martensite'

transformation, the progress of the transformation during plastic de-

formation, and stabilization of austenite. 4

Causes and Motive Forces of the Transformation

The causes of the martensitic transformation of austenite are the

same as for any other phase transition in the solid state, namely: be-

low a certain temperature, there exists a state of the alloy that pos-

sesses a smaller free energy than the high-temperature state. Since

the martensitic transformation takes place without changes in-the con-

centration of the solid solution, it may be regarded as a transforma-

tion in a single-component system. Austenite and martensite represent,

from this point of view, crystalline modifications of a solid solution

that are similar to the polymorphic modifications of pure metals or

chemical compounds [35]. The free energy of each of these modifications
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(FA and FM) has its own temperature curve. The position of the inter-

section point of the temperature curves of free energy (TO), which de-

termines the stability of the phase in question, depends on the chem-

ical composition of the solid solution and may be computed.from data

on the thermal properties of the two solid-solution modifications [95,

110]. For iron-carbon alloys, the temperature T0 diminishes rapidly

with increasing carbon content (Fig. 11) [35] and is found below the

eutectoid line above a certain carbon content.

If there are no diffusive solid-

"solution decay processes, a motive force

appears below T0 and makes the A- M

transformation possible; this motive

force is the stronger the greater the

difference between the free energies F A

and FM of the austenite and martensite.1M
uuhI However, the transformation does not be-

Fig. 11. Schematic dia- gin immediately after passage through TO,
gram of forward and re-
verse martensitic trans- but at a point M situated considerably
formations for solid so-
lutions of various con- (in steels, about 2000) lower than the
centrations: T0 is the

temperature of metastable TO point. When martensite is heated
equilibrium between the
two crystalline modifica- above the point TO, the quantity FA s
tions of the solid solu-- found to be lower, and it would be ex-
tion [35]. 1) Concentra-
tion.

pected that the reverse transformation

of martensite to austenite would take place. The condition for transi-

tion in either direction is suppression of the process of solid-solu-

tion diffusive decay, since the T. point is the point of equilibrium

between the two modifications only for a solid solution of a given con-

centration.

In the case of steel, however, it is very difficult to satisfy

- 67 -



this condition because of the high decay rate of martensite. Observa-

tion of the reverse transition is further complicated as a result of

the wide hysteresis of the transformation, which amounts to several

hundred degrees.

The reverse transformation of a martensitic phase into the ini-

tial phase was first observed during heating of the 0'-phase in copper-

aluminum alloys [87, 88]. Favorable conditions prevail in this case:

the low rate of solid-solution decay (no decay occurs on cooling and

heating in air) and the slight hysteresis of the transformation (a few

tens of degrees). The martensitic nature of the reverse 1' -3 trans-

formation was established in References [31, 851. It has also been

possible to observe the reverse transition in other cases of the mar-

tensitic transformation by setting up the necessary conditions [351.

It is difficult to observe the transformation of martensite into aus-

tenite in steels even with very high heating rates, due to the great

speed with which martensite decays. The reverse martensite transition

has been observed in carbon-free alloys of iron [89, 90]. Here, decay

of the solid solution takes place very slowly. The results of inves-

tigation of the reversibility of the martensite transformation in al-

loys based on iron indicate great hysteresis of the transformation,

which is apparently characteristic for transformations of face-centered

lattices into body-centered lattices.

This hysteresis makes it difficult to determine the point To by

experiment. For example, the martensite point for cooling lies below

room temperature for an alloy of iron with 30% Ni. The reverse transi-

tion, on the other hand, begins above 3000, and the point T0 should be

somewhere in between.

The chief reason for the strong hysteresis in the martensite

transformation is the appearance of a considerable elastic-deformation
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energy ("elastic energy") during formation of the martensite crystals.

Deep supercooling is required so that the gain in free energy due to

lattice changes can be offset by the energy going into the elastic de-

formation ("elastic energy").

It is known that the A -* M transformation is possible even above

the point M in plastic deformation of austenite. Moreover, the farther

the deformation temperature is removed from the M point, the greater

the degree of deformation necessary for the A - M transformation, and

above a certain temperature no amount of plastic deformation is cap-

able of producing the A - M transformation.

From the viewpoint of the conceptions described above concerning

the motive force of the martensitic transformation, external factors,

including plastic deformation, may cause formation of martensite only

in that temperature region in which the martensite lattice is thermo-

dynamically more stable, i.e., below T0 . Thus, by determining the de-

formation temperature at which the austenite is still just capable of

going over to martensite, we can establish the point To, i.e., the

temperature below which martensite is thermodynamically stable, more

accurately.,

It might be expected that plastic deformation above T0 would pro-

duce the opposite effect, i.e., cause transition of the martensitic

phase to austenite at temperatures below the normal transition usually

observed on heating. Research has confirmed this conclusion and indi-

cated the possibility of experimental determination of the tempera-

ture above which austenite is thermodynamically stable. It has thus

been made possible to determine the concentration dependence of

T for cobalt-nickel and iron-nickel alloys [91, 95].

Consequently, the cause of the A M transformation is the higher
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thermodynamic stability of the martensite lattice as compared with the

austenite lattice below a certain temperature; on the other hand, the

motive force of the transformation is the difference between the A and

M free energies. However, higher thermodynamic stability indicates

only the direction of the transformation's motive force and not the-

possibility of the transformation. The actual accomplishment of the

transition and its kinetics are determined by the singularities of the

transition mechanism at the conditions under which the transformation

takes place. Then all other factors, including stresses, cannot be re-

garded in themselves as either causes or motive forces of the trans-

formation. They do not govern the transformation and are important

only to the extent that they exert considerable influence on its kin-

etics.

Mechanism of the Transformation

Formation of crystals of M as a result of lattice readjustment.

The martensitic transformation, which represents formation of crystals

of the new phase within an old phase, should take place, like any proc-

ess of a similar kind, by formation of nuclei and their subsequent

growth. Experimental data on the transformation of austenite into mar-

tensite, and in particular the analogy between martensite-crystal

formation and formation of twins as a result of deformation, as well

as the rigorously consistent orientation of the martensite lattice,

enable us to conclude that growth of martensite-phase crystals consists

in regular reconstruction of the lattice in which atoms do not change

places, but are only shifted relative to one another by distances not

in excess of the interatcnic distance. Yet another confirmation of

this proposition is to be found in the following fact: when the orig-

inal state is an ordered solid solution, the martensite phase is also

an ordered solid solution.
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On the basis of this conception of the M-formation mechanism, it

has been possible to compute in advance the coordinates of the atoms

forming the solid solutions in the elementary cells of the martensite

phases (for example, the y'-phase in Cu-Al alloys and the a'-phase in

Cu-Zn alloys). The calculated atomic-position coordinates have been

confirmed by experimental data [92, 93].

The concept of regular lattice reconstruction enables us to umder-

stand the high speed with which martensite crystals form (at low tem-

peratures), the "stepwise" nature of their genesis. In such a mechanism

(readjustment), there is no need for diffusive atomic displacements,.

the rate of which is very low for iron at temperatures below 3000.

The actual readjustment is obviously effected in such a way that.

the material displacements are of the shear type, as is observed in

study of the microrelief that appears on polished surfaces on trans-

formation [90, 94].

The atomic-structural mechanism of the readjustment should corres-

pond to experimentally secured crystal-geometry phase relationships

between the martensite and austenite (lattice orientation, lamella.

orientation, direction and extent of .shear). At the present time, the

details of the mechanism cannot be regarded as established..

Conjugation of A and M lattices on growth of M. One of the most

important hypotheses as to the nature of the atomic readjustment is

that coherence or conjugation is preserved during the readjustment be-

tween the lattices of the austenite and the growing martensite crystal

[35, 56]. A definite order in the arrangement of the atoms is main-

tained at all times at the moving boundary. Atoms that were neighbors

in the austenite lattice remain neighbors at the boundary of the grow-

ing crystal as well. On this assumption, if we take into account the

shear type of lattice readjustment, large shearing stresses must inev-
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itably arise, and. increase during the process of martensite-crystal

growth.

A high growth rate is observed only if coherence is preserved.

When the stresses reach a certain (large) magnitude, coherence is up-

set, i.e., the order is disturbed in the arrangement of thO atoms on''

the phase boundary and conjugation of the lattices vanishes. ,.

The high growth rate with preservation of conjugation is due to

the cooperative nature of the readjustment, in which the atomic dis-

placements are similarly directed (consistent) and mutually related."-

Violation of coherence should result in cessation of growth, since -the,...

disordered growth due to individual, noncooperative atomic displace-w-

ments proceeds at a very low rate at low temperatures..

The coherent-growth hypothesis has made it possible to explain,.

on the one hand, the high rate with which the individual martensite

crystals form and, on the other hand, their failure to grow subse-

quently when coherence is violated. Coherence and the appearance of

large stresses also account for the shape of the crystals: it must be

such that for a given martensite-crystal volume, the elastic-deforma-

tion energy that arises as a result of the transformation will be min,

imal [96].

Elastic crystals. The coherent-growth concept has made it possible

to predict and then observe experimentally the effect of "thermoelas-

tic equilibrium" in the martensitic transformation and "elastic crys-

tals" in the martensite phase.

The possibility of this effect proceeded from the following con-

siderations. With the shearing nature of the readjustment that occurs

during growth of a martensite crystal, the stresses rise rapidly in

the region surrounding the growing crystal. The motive force of the

transformation is determined by the difference between the free ener-
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Growth continues as long as this energy is smaller in absolute mnagni-

tude than the difference between the free energies of the two lattices*.

If coherence is not violated during growth., the elastic energy may be

found equal at a certain crystal size to the difference between the

free energies of the two lattices. Then the motive force of the trans.-

formation vanishes, growth ceases, and thermoelastic equilibrium is

established [35]. Such a crystal retains the ability to undergo fur-

ther changes in size if a motive force appears again, for example, on
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a temperature change, since this results in a change in the difference

between the free energies of the two lattices. A drop in temperature

results in growth of the crystal, and a rise in temperature reduces

its dimensions (35].

Such a phenomenon has actually been observed :in the PI-y'' mar-

tensitic transformation in Cu-Al alloys with Ni orlMn additives (Fig.

12) [37], and subsequently in certain other alloys as well. The condi-

tions necessary to produce thermoelastic equilibrium are a high elas-

tic limit in the material and a slow increase in stresses as the crys-

tal grows.

Temperature Dependence of Transformation Rate

The premise that the transformation is due to the difference be-

tween the free energies of the phase lattices enables us to assume

that the formation of nuclei is likewise not an athermal process, i.e.,

that the rate of this process must, as with any other transformation, 4
depend on the energy of atomic thermal agitation [35].

It has actually been possible to ascertain the temperature de-

pendence of transformation rate as a result of detailed investigations

of the martensite transformation below room temperature [36]. It was

found that certain phenomena that had been regarded as characteristic

for the martensite transformation vanish in this temperature region.

The following facts were established: 1) here, the tran3formation may

proceed isothermally for a long time; 2) the rate of the transforma-

tion is a function of temperature and diminishes as it is depressed;

3) the transformation may be totally suppressed by rapid cooling to

the temperature of liquid nitrogen; 4) austenite that has been cooled

rapidly to the temperature of liquid nitrogen is transformed to mar-

tensite on heating to room temperature (Fig. 13) [36) at a rate that

depends on temperature.
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Moreover, it has been shown that the following characteristic

features of the martensitic transformation are retained even in this

temperature region: 1) martensite crystals in steel grow at an enor-

mous rate (in the plane of the martensite lamella) even at low tempera-

ture; 2) the transformation of austenite into martensite extends over

a region of temperatures: when cooling stops, only a certain part of

the austenite is transformed, the isothermal transformation dies out

and ceases, and the process makes further progress only at a lower

temperature.

The temperature dependence of transformation rate is determined

by the temperature dependence of the rate at which martensite nuclei

form, and cessation of the isothermal transformation by nonformation.

of nuclei capable of growth at the temperature in question. The de-

cline in the transformation rate with diminishing temperature indicates

that thermal oscillations of the atoms are an important factor in the

formation of martensite nuclei. The possibility of supercooling the

austenite in certain steels to the temperature of liquid nitrogen in-

dicates that the nuclei do not form when the atoms have low vibration 4

energies. The transformation begins on heating, as soon as the energy

of thermal vibration has become large enough, and proceeds more rapidly

the higher the temperature, i.e., the larger this energy. This indi-

cates that formation of the nuclei is thermal.

The fact that the temperature curve of nucleus formation rate is

the same as in any other phase transformation is important for under-

standing the nature of the transformation: the rate of the isothermal

transformation first rises below the martensite point, reaches a max-

imum on further reduction of the temperature and then diminishes (Fig.

14) -[59]. However, it is not possible to measure the rate of the iso-

thermal transformation over the entire temperature region unless the
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martensite point .occurs at a sufficiently low temperature. This rate

is easily measured on the descending branch 6f the curve at tempera-

tures below --50. At higher temperatures, ,t'"he .thermal-vibration. energy

has already become so large that when c@p!•ng• stops in this region all

of the nuclei that can form at ,the. temperatw .-I.-ques.tion are real-. .

ized in a short interval of time.,;

On the ascending branch of the (curve, slowo .format..i of nucle.it`:-;:-

takes place slightly below the martensite point, and the rate of the.

process has become immeasurably high on cooling a few tens of.'degrees,"-.,.

below the point M. The low sp.eed of the transtornation near the mar.

tensite point is dictated by-the large size of the critical nucleus

(the large work of formation of the."n-ucleus), i.e., by the necessity

that large thermal fluctuations, arise. As We go farther from point M,

the work of formation drops off rapidly and the transformation rate

rises. For ordinary steels, therefore, the isothermal transformatibn.

is observed only in a region somewhat lower than the M point and in a

0region below -50°. In this interval, there is a region of temperatures

in which this process goes with high speed, which is what gave rise to

the idea that the martensitic transformation is athermal in nature.

At temperatures below -500, the factor determining the low rate

of nucleus formation and making it possible to observe the isothermal

transformation is the low energy of thermal vibration. The action of

this factor is intensified as the temperature drops. In the tempera-.

ture region about the point M, the factor that makes it possible to

observe the isothermal transformation is the large work of nucleus

formation. Its action falls off with diminishing temperature, since

the work of nucleus formation drops rapidly with increasing distance

from To [73]-.

The temperature region in which the basic factor is the first
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mn); b) transformation at -1590 after supercooling
in liquid nitrogen. Manganese steel (0.7% 0, ' 6.5%
IMn, 2.0% Cu) [36]. A) Quantity of martensite, %;

"B) time, minutes; C) temperature, "C.

given above is determined by the magnitude of the atom's thermal-vibra-

tion energy, i.e., by the absolute temperature. On the other hand, the

temperature region in which the second factor predominates depends on

the position of the point To and, consequently, that of the M point.

Thus, by lowering the point M4 (by an appropriate change in the alloy's

composition), we may shift the temperature region of essential im-

portance of the second factor to a temperature region near room ter-

perature, thus making possible measurement of the rate of the isother-
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D) N24G3 alloy.

mal transformation at its maximum. In this case, there is no region

with an athermal transformation. The curve of transformation rate as a

function of temperature becomes normal in .nature (Fig. 15) [59].

Thus, thermal vibration of the atoms takes an important part in

the kinetics of martensite-nucleus formation, just as in other phase

transformations. The high rate of nucleus formation at such low tem-

peratures as room temperature, when diffusion processes have been fro-

zen out, is determined by the fact that the atomic displacements re-

quired for formation of a martensite nucleus require lower activation

energies. This last is apparently linked with the small relative dis-
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* placements of the atoms and the ordered nature of the atomic trans-

*• formations when the martensite nucleus, forms.

The low rate of formation of the nuclei, coupled with the tremen-

dous rate at which the martensite crystals grow at temperatures far be-

low room temperature, indicates that a very small activation energy is

required in growth of the martensite crystals, i.e., it is necessary

to overcome very low barriers during this growth. Apparently, the.

height of the barriers diminishes as the crystals grow as a result of

the appearance of stresses at the boundary of the growing crystal. Dur-

ing the initial stages, therefore, the rate of crystal growth may not

be as large as it becomes when the crystal acquires microscopically

visible dimensions.

The stresses may act unequally in directions lying in the plane
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of the martensite lamella and in directions perpendicular to it. In

the latter case, they may assist in raising the barriers and retarding

the growth process. (A lower growth rate over the thickness of the

lamella has been observed in certain alloys in investigation of mar-

tensite-crystal growth.) It is possible, however, that the low activa-

tion energy of crystal growth is related to the singularities of the

growth mechanism in itself, concerning which it is necessary to have

more detailed information.

Causes of Extension of Propagation over a Region of Temperatures

One of the principal characteristic features of the martensitic

transformation consists in the fact that it extends over a region of

temperatures, and that only part of the initial phase goes over into

the new phase at any temperature in this region. Since the martensite

crystals cease growing once they reach certain sizes, stoppage of the

transformation implies cessation of nucleus formation.

There are two kinds of factors that might govern this phenomenon:

1) a change in the state of the remaining austenite in which formation

of new nuclei or growth of nuclei is inhibited; 2) the appearance of

nuclei not at any point in the volume, but only at points at which

their formation is made easy.

Factors of the first kind might, for example, include the appear- ;

ance of a hydrostatic pressure, which would lower the To point, as

well as structural disturbances that interfere with the formation of

nuclei of the critical size or with their growth. The second group of

factors would include nonuniformity of the state of the austenite -

frozen concentration fluctuations of a dissolved element; various types

of structural nonuniformity due to local stresses that tends to reduce

the work of formation of nuclei of the new phase; shearing stresses

with a region of stressed-state nonuniformity having a size of the same
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order as that of. the martensite crystals or larger, and so forth.

Factors of the first kind can hardly be of significance for the

initial stages of the martensite curve, since the state of all of the

untransformed austenite could hardly have undergone any substantial

change with such a small quantity of martensite present. However, they

may exert substantial influence on the second half of this curve. For

the first half, therefore, the principal factors should be those of

the second type. On passage through the M point, the nuclei first-form

at those points where the work of their formation is lowest (due to a

favorable structure or concentration deviation). After nuclei have

been realized at these points, the process stops. As the temperature

is lowered further, the size of the critical nucleus is reduced, with

the result that realization at other points favoring nucleus formation

becomes possible. -

As we have already noted, a stressed state arises and new struc-

ture disturbances that favor the formation of martensite nuclei make

their appearance after partial transformation in the remaining austen-

ite (apparently in the regions surrounding martensite crystals). 4

The results of research into the influence exerted by prior plas-

tic deformation of the austenite above the M point, which does not

produce any direct transformation [691, and into the influence of

neutron bombardment on the kinetics of the subsequent transformation

of austenite into martensite [80, 81] confirm the concept in Which the

martensite nuclei form not throughout the entire volume, but In places

where the structure deviates from the mean. Both of these treatments

of austenite give rise to the appearance of structural disturbances

that facilitate formation of martensite nuclei. However, these dis-

turbances are unstable and gradually disappear during holding even at

room temperature (they do so more rapidly at high temperatures). The
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latter testifies to large local stresses and small dimensions of these

regions, which act as the points of easy nucleus formation. Partial

relaxation of such stresses may take place at relatively low tempera-

tures - such as room temperature and even lower.

As a result of plastic deformation or neutron bombardment, and in

the process of the actual transformation, structural disturbances of a

different, transformation-inhibiting type also make their appearance;

these include, for example, disturbances at the boundaries of coherent-

scattering regions or other types of cumulative structural disturbances. i4

It is possible, however, that the austenite-crystal structural

disturbances that facilitate the formation of martensite nuclei and'

inhibit it are of the same type. As long as these disturbances are

minor and concentrated only at certain points, they facilitate the co-

"operative displacement of atoms that is necessary for formation of mar-

tensite-crystal nuclei. When these disturbances become numerous, how-

ever, and when they are distributed in a certain manner, reducing the

region with a regular lattice, they come to represent an obstacle to

the formation of nuclei and to growth of nuclei in its initial stages.

From this standpoint, activation of the transformation at low

degrees of plastic deformation or bombardment is due to the relatively

small number of disturbances that facilitate formation of crystal nu-

clei and do not inhibit their growth. Holding at room temperature or

at moderately elevated temperatures should result in redistribution of

the stresses, in more uniform distribution of these stresses, and in

a lessening of the local disturbances. As a result, the activating ef-

fect is reduced and the inhibiting effect is enhanced (due to the

smaller size of the regular-lattice regions). With high degrees of

plastic deformation, a large number of the disturbances block coopera-

tive readjustment of atoms in the region required for further growth.
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Only at high temperatures do the disturbances vanish and, accordingly,

only at these temperatures is the original ability of the austenite to

undergo the martensitic transformation restored [97].

Structural disturbances similar to those that are caused by plas-

tic deformation also arise as a result of formation of a new martensite

crystal in a region surrounding a crystal that already exists. This

must result in easier formation of new nuclei; it appears that stabil-

ization of the austenite when cooling is halted is connected with a

change in the distribution of these disturbances and a reduction in

local stresses (stress peaks) during holding..

The high disturbance density of the austenite grain's crystal

structure arises as a result of forward and reverse martensitic trans-

formations. Here, the local stresses cannot be particularly large be-

cause of the high temperature of the reverse transformation. This type

of structure renders formation of nuclei and their growth difficult

during subsequent cooling below the martensite point [97, 983.

Experimental data indicate that regularity disturbances in the

crystal structure represent a major factor in the kinetics of the mar-

tensitic transformation. Growth of a martensite nucleus when its dimen-

sions have become greater than critical takes place most easily in an

austenite crystal with a regular structure. However, the genesis of

martensite crystals in an austenite crystal without structural disturb-

ances is much more difficult. This is apparently associated with the

large work of nucleus formation in the "cooperative" displacements of

atoms in the ideal lattice as a result of counteraction of the elastic

forces. Thus, supercooling far below T0 is necessary to reduce this

work at the expense of an increase in AF and to make it possible for

fluctuation formation of a martensite nucleus to occur in the ideal

austenite lattice. However, this supercooling may be found so great
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that even the average thermal-vibration energy in this temperature re-

gion will be small for sufficiently frequent formation of the necessary

fluctuations. Since for the martensitic transformation, this tempera-

ture region lies below room temperature, the martensitic transformation

may not occur at all at temperatures below room temperature in an aus-

tenite with the. ideal lattice, despite great supercooling.

Under such conditions, vitrification of the liquid takes place on'

transition from the liquid state to the solid. This is observed, for

example, in salol: salol that has been thoroughly purified or subjected A

to impurity deactivation does not crystallize, since the work of forma-

tion of its nuclei becomes quite small in a temperature region in

which the atomic mobility is already-low [99]. In this case, it-is nec-

essary to introduce solid particles for crystallization. The genesis

of nuclei is made easier in their presence, i.e., the work of their

formation is reduced, and this results in reduced supercooling. A sim-

ilar phenomenon occurs in saturated solid solutions. For -example, in I
determining solubility limits below a definite temperature, the process

in which the second phase segregates out is frozen. The experimental

solubility curve is found to be vertical. However, by applying prelim-

inary plastic deformation (lowering the work of formation of the seg-

regating phase and raising the mobility of the atoms), we may cause

the segregation process to proceed even at lower temperatures and de-

termine the solubility curve experimentally [100].

The above leads us to the conclusion that the martensitic trans--

formation may take place even in an ideal lattice if the point T0 is

sufficiently high. Then, even with deep supercooling, which is neces-

sary for a sufficient lowering of the work of nucleus formation, the

absolute temperature and, consequently, the thermal-vibration-energy

will be found high enough for purely fluctuation-type formation of the

-84k



nucleus. With certain disturbances to the structure of the austenite

crystal, however, the work of nucleus formation is reduced sharply due

to reduction of the work done against elastic forces. The supercooling

necessary for purely fluctuation-type nucleus formation is sharply re-

duced in this case.

The subsidence and resumption of the isothermal transformation is

accounted for from this standpoint by the initial use of points that

have the most severe disturbances or a combination of disturbances

that results in the greatest reduction of the work of nucleus forma-

tion. When nuclei arise at these points, the isothermal transformation

ceases, since the martensite crystals do not grow after violation of

coherence and no new nuclei appear. As the temperature is further de-

pressed, the reduced work of nucleus formation for the ideal lattice

results in the use of points with less severe structural disturbances.

A further depression of the temperature is necessary for subsequent

transformation, and so forth. As a result, the transformation is ex-

tended over a region of temperatures.

The temperature curve of martensite-crystal generation rate indi-

cates that the principal role in formation of nuclei in such previously

"primed"places is taken by thermal oscillations, and that energy fluc-

tuations are necessary even for formation of a nucleus that is capable

of growth at such points. This may be observed particularly distinctly

*at the low martensite point when it has been possible to inhibit the

transformation completely by rapid cooling to the temperature of liq-

uid nitrogen. This means that nuclei do not have time to form during'..

cooling at "primed" positions, and that the average energy of vibration

is very small at the temperature of liquid oxygen. On the other hand,

raising the temperature, i.e., increasing the energy of thermal vibra-

tion, increases the probability that the necessary fluctuation will
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form at these points and the probability of nucleus formation. The

rate of realization of these points is higher the higher the tempera-

ture. It increases with increasing temperature until the work of nu-

cleus formation begins to increase more rapidly than the average ther-

mal energy of the atomic oscillations, to the extent that supercooling'

has been reduced. From this point in time on, the' rate of the trans-

formation diminishes with rising temperature.

The appearance of a stress field about the growing crystals is

characteristic for the martensitic transformation; this is due chiefly

to the shearing property of the atomic readjustment. It follows from

this that supercooling below T0 is necessary not only to reduce the

work of formation of the critical-sized nucleus, i.e., the nucleus

that is capable of growth (after formation of such a nucleus, growth

might also take place with less supercooling) at the expense of an in-

crease in LF. It is also necessary in order to compensate, at the ex-

pense of AF, the large elastic energy that arises after formation of a

martensite crystal with finite dimensions. Consequently, "primed" posi-

tions cannot be used above a certain temperature, at which AF becomes

smaller in absolute magnitude than the elastic energy that arises on

formation of the entire crystal. This temperature is apparently what

constitutes the martensite point.

However, martensite crystals can also form above the point M if

the elastic energy is completely or partially offset in the system in

question on external application of a stress field opposed to that

which arises during the process of formation of the martensite crystal.

It is possible that formation of martensite crystals on plastic de-

formation above the point M is due not only to the emergence of dis-

turbances that stimulate formation of nuclei, but also to the creation

of such a field. As the temperature rises, increasingly large plastic
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deformations are required to form martensite. However, raising the de-

gree of deformation tends to increase the resistance of the austenite

to plastic deformation (strain-hardening) and makes it possible to cre-

ate higher stresses in it. The nearer the deformation temperature to

To, the greater the externally applied stress required (due to the de-

crease in LF) to offset the stresses that arise as a result of forma--

tion of martensite crystals.

Stresses that are sufficiently uniform in a region having dimen-

sions of the order of the martensite-lamella length and oriented in a

definite manner should undoubtedly facilitate formation of martensite

crystals. Stresses that are uniform over a large volume would give

rise to a situation in which not all of the possible orientations of

the martensite crystals are equiprobable. Orientations for which the

stress direction favors shear will be realized preferentially-when ex-

ternal forces are applied.ý

Thus, the factors that facilitate nucleus formation include local

disturbances in very small regions, which are capable of vanishing at

relatively low temperatures, and stresses that are uniform in micro-

regions and macroregions.

If the number of structural disturbances is very large and their

distribution results in the formation of small coherent-scattering re-

gions (blocks), difficulties then arise in formation of nuclei and the

initial stages of their growth. This is probably due to impediments to

the cooperative displacement of atoms when there are large crystal-

structure disturbances. There is a certain analogy with plastic deforma-

tion in regard to the dual nature of the lattice-disturbance effects.

In an ideal lattice, plastic deformation requires large forces whose

magnitude attains that of the theoretical strength. The presence of

dislocations at low dislocation densities is responsible for deforma-
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tion by small forces. When, on the other hand, the dislocation density

becomes large as a result of the deformation itself, the resistance to

deformation also rises considerably (strain hardening).

For steels with medium and high carbon contents, and for iron-

nickel alloys, the point M lies approximately 2000 below T0 . This is

due, as we indicated earlier, to the .elastic energy that arises on

formation of the martensite crystal. In pure and alloyed irons, the

point T0 is high (900° or slightly below). At the same time, the mar-.

tensite points for these alloys lie in a region around 5000. The point

M has not been measured for pure iron, but to judge from the dependence

of this point on carbon concentration, we may assume that it is below

6000. The increase in hysteresis is probably due to instability and

rapid disappearance of severe local structural disturbances at high

temperatures (above 500-6000), so that there are no points-at which

the work of nucleus formation is sharply reduced. 4
The above conception as to why the transformation extends over a

region of temperatures is based on consideration of the cooperative

nature of the atomic readjustment in the martensitic transformation,

the conjugation between the lattices as the martensite crystals grow,

and the general laws of these transformations.

The temperature dependence of the transformation rate indicates

that the vibration energy of the atoms plays a major role in the forma-

tion of critical-sized nuclei at "primed" points, as in other phase

transformations. Structurally primed positions, i.e., places in which

formation of nuclei is easier, have the same importance here as the

undissolved impurities in crystallization of liquids.
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Chapter 36

THEORY OF TEMPERING OF QUENCHED STEEL

Heat treatment in which decay of the state of steel fixed by

quenching - the oversaturated solid solution of carbon in a-iron, or

martensite, as well as of the residual austenite, takes place is known

as tempering. The result of this process is transition to a more stable

state. Structures that represent decay products of martensite and aus-'

tenite - a mixture of a-iron and carbides - form in the steel. The

properties of the steel change accordingly: plasticity and toughness

are increased, hardness is reduced, and internal (residual) stresses

are reduced.

Tempering is accomplished by heating quenched steel to a tempera-

ture lying below the AcI point, soaking at this temperature, and sub-

sequent cooling. The results of tempering are determined basically by

the heating temperature and, to a lesser degree, by the soaking time.

The cooling rate has no substantial influence on the result, but if

the steel has a tendency toward tempering brittleness, cooling should

be quite rapid.

Low, medium and high tempering are distinguished on the basis of

heating temperature. Low tempering (heating to 120-250o) has as its

purpose reduction of internal stresses in workpieces of which reten-

tion of high hardness and wear resistance is demanded. Here, the brit-

tleness of the steel is reduced considerably, while its hardness is

hardly affected at all. Medium tempering (heating to 300-5000) is used

for products that must possess high elastic limits, strength, and wear-
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resistance, as well as rather high toughness (springs, shock absorbers).

High tempering (heating to 450-6700) is used for articles that experi-

ence rather large impact and vibration loads in operation; it delivers

a highly favorable combination of toughness, plasticity and.strength

properties.

1. PROCESSES TAKING PLACE IN QUENCHED STEEL DURING TEMPERING

Tempering processes are essentially processes of solid-solution

decay - decay of martensite and residual austenite - that return the

steel to a more stable state. Four stages are distinguished in temper-

ing; of these, the first two correspond to two stages of martensite

decay. Decay of martensite takes place over a broad temperature range-

from room temperature to 300-3500. The first (below 1500) and second

(150-3000) stages of this decay differ as regards mechanism and kin-

etics.* The processes that unfold in the third and fourth stages of

tempering are developed in the temperature ranges from 300 to 450. and

from 4500 to Ac1 . The temperature boundaries of the stages are arbit-

rary. They may shift in one direction or the other, depending on heat-

ing rate, holding time, and the composition of the steel. Certain tem-

pering processes do not go to completion in their specific stages, but

extend into later stages.

First Stage of Tempering (First Stage of Martensite Decay.

The first stage of tempering consists in segregation of highly

dispersed carbide particles from the martensite. Once they have formed,

the nuclei grow until the regions surrounding them have become rather

severely impoverished in carbon and the influx of atoms of this ele-

ment ceases as a result of the low rate of diffusion from the solid

solution. Solid-solution regions with carbon concentration lower than

the original concentration form about the carbide particles; these are

in a state of temporary, unstable "colloidal" equilibrium [2] with the
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dispersed carbide particles. These carbon-impoverished regions are sur-

rounded by a solid solution that has the initial carbon concentration.

Since a new solid solution with a lower carbon concentration arises

and coexists with the original concentration, martensite decay in the

first stage is said to be two-phased (or heterogeneous). Almost no re-

gions with intermediate concentrations are observed. The quantity of

solid solution that has been impoverished in carbon increases not by

growth of the regions, but by an increase in their number. Thus, the

progress of the process in time is governed practically exclusively by

the number of carbide-phase nuclei that form, and the rate of decay: ibs

determined by the rate of generation of carbide particles.

The kinetics of the process is char-,

1 acterized by the curve of Fig. 1 [.1, 3],

where Vo is the initial volume of the

* 4" solid solution (specimen volume),' V is

the total volume of the impoverished

* - part of the solid solution surrounding

q XM X is a I the carbide nuclei (the volume of decayed
2 2lpewi. owv

Fig. 1. Variation of quan- solid solution). The temperature depend-
tity of martenslite thathasyof undergon e prtial dence of the decay rate is described byhas undergone partial de-

cay during tempering at the general equation of crystallization
1200 [3]. ) ln(V0 - V/Vo);

2) time, minutes. of supersaturated solutions, taking into

account the work of formation of the nucleus. The rate of the process

is characterized by the half-decay time, i.e., the time necessary for

transition of half of the initial solid solution to the new solid solu-

tion. For high-carbon steel, the .half-decay time at room temperature.

is reckoned in terms of several years; it .is about 8 hours at80', 50'

minutes at 1000, 8 minutes at 1200, and 45 sec at 1600. Calculations

indicate that at 00, the half-decay time is 340 years, and that it ,s
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6.4 years at 200i 2.5 months at 400, and 3 days at 600 [3, 4].

Carbide inclusions take the form of extremely thin lamellae a few

lattice constants thick. The lattices of the carbide and the a-solid

solution are coherent. Since the crystal lattices and specific volumes

of the carbide and the a-phase are different, elastic stresses arise

between them (Fig. 2) [5].

A structural state of the steel known as tempered martensite

forms as a result of the first stage of decay. In this state, the

steel exhibits a fine nonuniform structure, and the a-solid solution

is still slightly oversaturated with carbon and has a tetragonal lat-

tice. The activation energy corresponding to the first decay stage is

about 33,000 cal/g-mole,.while the work of formation of a carbide-

phase nucleus is 1000 cal/g.mole (for 1200).

3o 1o uC•tClUR Noel1cHmpa4uu

JM fa.yzAepolucmbld M ameHcum

SP 9 q ftu3K.mewlepoam bU .aodu 4I

000JýIMcmbu1 -Mpmeacum

0 0 0 1 (a0u~,7

6 b lbb

Fig. 2. Diagram showing Fig. 3. Diagram showing
genesis of lattice dis- arrangement of disloca-
tortions on formation of tions of coherent lat-
carbide-phase nucleus tices of carbide andwithin martensite crystal, solid solution [9]. 1)
The lattices of the mar- Initial martensite (pri-
tensite and carbide are mary); 2) zone of concen-
coherent [5]. tration change; 3) low-

carbon martensite; 4) low-
temperature carbide.
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Data of foreign investigators [6-8] and an attempt to apply dislo-

cation theory to account for the mechanism of tempering processes in

this stage [9] do not introduce any substantial changes into the con-

ception set forth above, which is based chiefly on the work of Soviet

scientists and primarily that of G.V. Kurdyumov and his colleagues [1].

The pattern in which the dislocations are arranged between the coherent

lattices of the carbide and the martens'ite matrix is illustrated by

Fig. 3. It is assumed that the carbide nuclei occur at the boundaries . 4

of the martensite crystals, and that,.thecarbide crystals are lamellar.'.

[9].

Second Stage of Tempering (Second Stage of Martensite Decay)

The second tempering stage is observed in carbon steel in the

0
range from 150 to 300 . The rise in tempering temperature and the re-

sulting increase in the atomic-migration rate are responsible for fur-

ther segregation of carbon from the martensite. Decay of. the solid so-

lution takes place in this stage by progressive segregation of carbon

from the. solid solution and a certain amount of carbide-particle growth

as a result. This is accompanied by a concurrent coagulation (coales-

cence) process of the carbide particles - solution of the finer par-

ticles and growth of the larger ones with diminishing concentration of

the solid solution. The process is homogeneous, single-phased, and con-

tinuous. Its rate is determined by the rate of diffusion of carbon

atoms and the growth rate of the carbide granules. Precipitation of

the carbon first takes place rapidly and then, as the hold-ing time In-

creases, it drops off (Fig. 4) [10]. A definite quantity of carbon re-

maining in solid solution corresponds to each tempering temperature.

The coherence of the carbide and solid-solution lattices is retained.

Lattice distortions are reduced but remain significant. Figure 5'[11]

shows the variation of the severity of distortions of the second kind
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Fig. 4. Carbon'content-in Fig. 5. Size of coherent
martensite as a function ' regions (D) and magn!-i,
of tempering time at "vari-- .tude-of lattice distor- ;
ous temperatures for tions (.Aa/a) as func-
steel with 1.1% C [10]. tions'of tempering tem-
1) Carbon content in mar- perature [1, 11]. 1) Tem-
tensite, %; 2) tempering pering tempera~ture, °C.
time, hours.:

and the size of the coherent-scattering regions.. At 200-3000, the mar-

tensite is a slightly oversaturated (at 2500, 0.06% c) solid solution

with disperse carbide particles distributed in it.

Decay of Residual Austenite ("Second Transformation" in Tempering)•

In high-carbon and many alloyed meditun-carbon-steels that contain

a large quantity of residual austenite, the process of carbon separa-

tion from the martensite, which takes place in the range from 150 to

3000, has superimposed upon it the decay process of this austenite.

However, the decay of small quantities of austenite does not appear

distinctly on the property-variation curves. The rate of the residual- :

austenite decay process as a function of temperature and tempering

time is illustrated by Fig. 6 []

Decay of residual austenite begins at higher temperatures than

that of martensite, since the passages of carbon atoms from one inter-

stice into another in the y-lattice (austenite) are constricted to a .

greater degree than in the a-lattice (martensite), although the inter-

stices themselves are larger in the austenite lattice than in the
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3 a-iron lattice [12]. On a considerable

increase in the tempering time, the ini-

N2V / - - tial decay temperature of the residual

___ - austenite is shifted into a lower tem-

1t to-• perature region [8]. It is assumed that

.2 Lan'ej'wccr, 9mrw.Lf as a result of residual-austenite decay,

Fig. 6. Kinetics of resid- the same phases form in carbon steel as
ual-austenite decay in
steel with 0.8% C. Satura- in tempering of martensite at the same
tion magnetization as a
function of tempering temperature, although the coherence of
time at various tempera-
tures [8]. 1) Saturation the solid solution and the carbide phase
magnetization (4 11In),
gausses; 2) tempering may not be the same in both of these-
time, minutes.

cases.

State of the Carbide Phase in Tempered Steel

The question as to the composition and structure of the carbide

segregated out at low tempering temperatures cannot be regarded as ade-

quately clarified at the present time.

Results of x-ray investigations. For a long time, it was not .pos-

sible to ascertain the presence of carbide by experimental means in

low-tempered steel. Carbide lines were observed on x-ray patterns only

after tempering at temperatures above 300° [13]. G.V. Kurdyumov and

M.P. Arbuzov [14] were the first to succeed in detecting the presence

of a carbide in low-tempered martensite; as regards its crystal struc-

ture and, apparently, its chemical composition, this carbide differs

from cementite. The new carbide was designated Fe.C. On the basis of

this investigation, the considerable loss in volume and other changes

in the properties of the steel on tempering at about 3000 were ac-

counted for by transition of the carbide FexC to Fe3 C [15, 43].* Ac-

cording to the calculations of Ya.S. Umanskiy and Ye.I. Onishchik [16,

17], an interstitial phase with a compact hexagonal lattice is. present
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in low-annealed steel: its composition is defined approximately by the

formula Fe C. On the basis of research into the crystal structure of

steel in various stages of tempering, which was completed in 1961,

M.P. Arbuzov established that the carbide phase precipitating out at

low tempering temperatures has a close-packed hexagonal lattice that is

regularly oriented with respect to the austenite crystal axes. Two car-

bide phases exist in the range from 200 to 4000: the low-temperature

carbide and a carbide having a rhombic lattice; above 4000, there is

only one carbide phase - rhombic cementite. Yu.A. Bagaryatskiy [20]

showed that continuous transition from the martensite lattice to the

cementite lattice is possible when the carbide lattice is somewhat de-.

formed and retains its orientation relative to the martensite lattice..

According to M.P. Arbuzov [37], the low-temperature carbide crystal-.

lizes with a carbon deficiency and has a smaller volume than cementite.

It is !known that the reaction between carbon monoxide and iron results

in formation of a carbide of the type Fe2 C [21] or-Fe2 0 CR [22] (the

percarbide).

Two modifications of the carbide Fe 2 C have been produced synthet-

ically: the low-temperature modification E-Fe 2 C, which forms at 170-

2300 with a hexagonal lattice and a Curie point of 3800, and the high-

temperature X-Fe 2 C, which forms as a result of the former's decay at

2000 with a rhombic [27] lattice and a Curie point of 2650 [28].

Observing the same interference pattern as G.V. Kurdyumov and

M.P. Arbuzov, Jack [22] also concluded that it corresponds to the hex-

agonal lattice; he regards the composition of the carbide as near Fe 3C.

He proposed that this carbide be termed the e carbide because of its

structural similarity to the e nitride of iron. This carbide is co-

herent with the matrix. It is transformed to cementite at 26o-36Qo.

Lement [7] determined the composition of this carbide as Fe 2 . 4 C (8.22%
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C) by calculation.

The hexagonal s-carbide of iron was also observed by a number of

investigators who used the electron-diffraction method [24-27, 38].

Yu.A. Skakov and others [26] define its composition as Fe 4 C (see also

[18]).

Results of chemical investigations. The carbides produced in tem-

pering at 200-4000 correspond as regards chemical composition to ce-

mentite [29]. The results obtained by N.V. Gudkova and others [27] dif-

fer from those obtained by N.M. Popova. Lement et al. [62] consider

that the determination error may be as high as +0.3% C in these cases

and may mask small changes in the carbide's carbon content during the

tempering process.

The results of the magnetometric investigations of I.N. Bogachev

and V.G. Permyakov [30] showed that in tempering below 2500, a carbide

other than cementite forms in steel. According to V.G. Permyakov [31-

33], the carbide FexC has a Curie point of 370 and a value of 2 for x.

At 270-400, it goes over into an intermediate carbide that has a

Curie point of 2600, and at 400-5500 it becomes cementite. B.A. Apayev

[34, 35] indicates that the carbide E-FexC and a small quantity of

cementite exist in low-carbon steel that has been tempered at 100-200°;

as the tempering temperature is raised, the quantity of s-Fe xC is re-

duced and that of Fe 3 C increases. In high-carbon steel, the carbide

e-FexC, which is transformed on heating into X-FeXC and cementite,

forms from the martensite; subsequently, the X-FexC disappears and the.

quantity of cementite increases. Crangle and Sucksmith identify X-FexC

with synthetic x-Fe2 C [36].

The research results set forth above embody a number of serious

contradictions. Thus, M.P. Arbuzov notes [37] that it is difficult to

explain why a new phase that is richer in carbon than cementite should
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appear at low tempering temperatures in the presence of cementite and.

then be turned into cementite at higher temperatures. The causes of

the great reduction in the steel's voluime on tempering at 3000 are not

yet fully clear: it cannot be accounted for by the carbide transforma-

tion alone. The displacement of`the*Curie'p•oints is accounted for by.

many investigators in terms of lattice distortions of a carbide coher-

ent with the a-phase [38, 62]. The sarý&'.effect is observed in. annealed

steel after plastic deformation [39). B.A.' Apayev [35] objects to

these statements, referring to References [40, 41 and 42]. Ya.S.-Uman-

skiy et al. [17] regard the proposition that coherence of the carbide

may result in a Curie-point shift as inadequately substantiated..

In summarizing, it must be acknowledged that there are many sub-

stantial contradictions concerning the most important problems of the

state of the carbide in low-tempered steel. There is no consistent

opinion concerning the crystalline structure (of e-FexC and Fe C with
X. 3

distorted lattices, and so forth), none as regards composition (Fe C,

Fe 2 . 4 C, Fe 3 C, Fe 4 C), and there is not even agreement as regards the

explanation for the property changes (and, in particular, those in the

magnetic properties). Clarification of these questions requires new

research.

Third Stage of Tempering ("Third Transformation")

The third stage of tempering takes place in carbon steel in the

temperature range from 300 to 450. Rapid growth of carbide granules

begins in this stage (Fig. 7) [194. _Up to about 350 , this growth

takes place without disturbance'of coherence between the carbide and

the surrounding solid solution. Above 3500, the carbide granules in-

crease rapidly to dimensions such that the stresses reach values suf-

ficient to make the distortion energy greater than the energy of inter-

face formation. Then coherence is violated, an interface appears be-
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* itween the phases, and the carbide crys-

Mb /tals and mosaic blocks of the a-phase

'k !separate. The size of the a-phase regions

. .a-, -, -a ' - / that scatter x-rays coherently decreases

- - •- (Fig. 8)-[4]. In the temperature region

--- above 450Q, the a-phase blocks again in-'.

2 - -u , crease in size (grow), Since diffusion
T,-nepamgpu DI1',,C processes take place intensively at theise:

Fig. 7..Variation in di- temperatures.
mensions of iron-carbide
crystals in carbon steel
as a function of temper- This process of coherence violation
ing temperature: mxa - is accompanied by a decrease in stresses;

along x-axis; myb - along

y-axis; mzC c- along z-axis its temperature of completion is the tern-

[191. 1) Linear dimen- perature at which stresses of kind II
sions of carbides, I x

10-6 cm are relieved (Fig. 9) [41, which con-
.cm; 2tempering

temperature, C. tributes to significant volume [441 and

•Y\ - -- thermal [45] effects. In the same tern-

- , perature range, distortions of kind III

are also extensively relieved [47]. a
- Q17_v - / A diminution of the a-phase blocks

- - - - may occur in the temperature range of

- the third tempering stage not only as a

1 2 T1,ma .? result of loss of lattice coherence, but

Fig. 8. Change in size of also as a consequence of relief of elas-
a-ýphase regions that scat- tic stresses by plastic shears in micro-
ter x-rays coherently as
a function of tempering
temperature [4]. 1) Dimen- regions of the metal. These shears take
sions of regions of co-
herent x-ray scattering place under the influence of the rather

(blocks), 10-6 , cm; 2) high elastic stresses present in the
tempering temperature, 00.

steel, provided that the metal's plas-

ticity is made high enough. Block size, distortions of the second kind,
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Men-

.d%7JNNP

Fig 9.Vrato f i- Fi.1.Variaton in"

tortons f te seondblock size (D), coercive
kind (isa/a) in a-phase force ('H,) and distor-
lattice as a function of" tions of the second kind
tempering temperature (isa/a) in hardened steel
114] 1)Tuemprn tern with 0.7% C, as a func-

peraure,0C.tion of tempering tempera-
ture [46]. 1) H. oer-

steds; 2) tempering tern-.
perature, 0C.

and coercive force are compared in Fig. 10 [46). The temperature re-

gion in which pulverization of the blocks is observed and the corres-

ponding temperature region In which the mechanical properties and co-

ercive force undergo significant changes may be shifted under the in-

fluence of a change in the elastic stresses of the crystal lattice,

which, in turn, are determined by the degree of de forma tion, 'carbon

and alloying-element contents in the steel, and other factors (compare

Fig. 12) [46]. The initial stages of recrystallization of the a-solid

solution, which is deformed as a result of intraphase work-hardening,

may take place in this same stage of tempering [44, 46, 48,'49].

A number of authors link the change in physical properties in the

third stage of tempering with transition of the low-tempeirature car-

bide into cementite [30-35 and others].

Fourth Stage of Tempering

Coagulation (more properly, coalescence) of the carbides takes

place basically during this stage. Beginning in a carbon steel at the

temperatures of the second stage, these processes develop intensively

above 350 0. They were investigated in detail by S.Z. Bokshteyn [50].
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In the first stages of tempering, the carbides are precipitated

in the form of lamellar granules, since the elastic energy is at its

minimum in this case. If the particles were to assume a spherical

shape, the surface-energy value would be reduced. The elastic energy

is proportional to particle volume, while surface energy is propor-

tional to the area of the phase segregated. The interaction between

the two forms of energy results in spheroidization being observed only

after prolonged tempering at a rather high temperature. Then the diam-

eter of the carbide particles increases by a factor of approximately

1000, which gives rise to large changes in total surface and in the

crystal-chemical relationships between the phases, as well as a con-

siderable change in properties. The coagulation process was analyzed

theoretically by S.T. Konobeyevskiy [2]. In isothermal tempering, the

fine particles undergo solution continuously, the large ones grow, and

the medium-sized particles first grow larger at the expense pf the

fine ones, and then are also dissolved, unless they attain the criti-

cal size as a result of their growth. The coagulation rate is charac-

terized as a function of time by the equation

t = Ae -B/T

where t is the time required to reach a certain degree of coagulation,

T is the absolute temperature and A and B are constants.

The rate of the process subsides in time. It rises with increas-

ing degree of dispersion of the particles. An increase in carbon con-

tent accelerates coagulation [49].

Only a few of the largest particles grow during the fourth stage;

the remainder are dissolved. The rate of the coagulation process is de-

termined by the rate of migration of vacancies, and the process is con-

trolled by the speed of self-diffusion of a-iron with an activation

energy of 60,000 kcal/g-mole [50, 51, 52].
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Influence of deformation on tempering processes. Cold deformation

intensifies the segregation of carbon from the saturated a-solid solu-

tion [53] and promotes decay of the residual austenite [54]. It has

been shown [55] that a 2.4% deformation reduces the relative quantity

of residual austenite by 29%, an 8% deformation by another 36%, and

with an 11% deformation the residual austenite is almost completely de-

cayed. Decay of the martensite under the influence of an 18% deforma-=

tion takes place just as in tempering at 100-120O [55, 56].

It would appear that deformation results in spontaneous formation

of a large number of carbide nuclei. The only effect on deformation of

completely decayed martensite is the appearance of lattice-distortion.

and block crushing in the a-phase.

Influence of fast heating on tempering processes (electric tem-

pering). V.D. Sadovskiy and his coworkers [57, 58] studied electric

tempering chiefly from the standpoint of the influence of heating rate

on impact strength. A rise in heating rate shifts the residual aus-

tenite decay region toward higher temperatures, and sometimes com-

pletely suppresses the decay process [57, 58]. The martensite-decay

process cannot be suppressed or delayed by. heating at a constant rate

(up to 60,000 °C/sec) [59, 60]. The volume-decrease effect observed in

the first tempering stage at ~1000 with slow heating is shifted as the
0J

heating rate rises to 50°C/sec to 190-2600, while the volume-decrease

effect in the third tempering stage, which is usually observed at 3000,

is shifted to 370-4900. A further increase in heating rate does not

result in an increase in these temperatures. Austenite decay'is sup-

pressed at a heating rate as low as 60-1000 C/sec, although the residual

austenite decays into a ferrite-carbide mixture after heating above

4000, even when the time of isothermal holding is short. The carbide

particles are smaller after fast electric tempering than after ordinary
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tempering. Lattice distortions of the second kind are retained after

such treatment even at 600-6500. The size of the submicrostructure

blocks is reduced considerably as compared with normal tempering, par-

ticularly above 450-5000 (see also [18]).

The effect of normaltempering onproperties of steel- thAt has

been quenched after high-speed electric heating was ihvestigated by'-

K.A. Malyshev and V.A. Pavlov [134] and I.N. Kidin [61]; the influence

of self-tempering after quenching with heating by high-frequency cur-

rents was studied by K.Z. Shepelyakovskiy [661.

2. CHANGES IN MICROSTRUCTURE AND PROPERTIES ON TEMPERING

-Change in Microstructure

According to structural investigations using the electron micro-

scope [62], a fine network of carbides is observed to have formed along

block (subgrain) boundaries after tempering at 150-2000. These carbides

dissolve when the tempering temperature is raised to 20013000. Simul-

taneously, beginning with a tempering temperature of 2300, elongated

carbide lamellae form along the boundaries of the martensite crystals.

together with lamellar and globular carbides within the'se crystals

(Fig. lla). The average subgrain diameter has been determined at 1.5-

2.0.10-5 cm, and the thickness of the carbide network at 8-100 A (in a

steel with 0.4-1.4% C). Solution of the carbide network and carbon im-

poverishment of the matrix give rise to softening of the steel. The

appearance of cementite films along the boundaries of the old austenite

grains may be the cause of low-temperature (-2600) tempering brittle-

ness, which vanishes as the tempering temperatuere is raised due to car-

bon impoverishment of the matrix. Above 4000, the carbide particles

within the a-phase crystals are dissolved.' This process is accompanied

by spheroidization and coagulation of the remaining particles. The car-

bide film along the grain boundaries becomes thicker by solution of
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the fine carbides within the ferrite grains. It undergoes spheroidiza-

tion and coalescence simultaneously (Fig. lib). The carbide particles

formed as a result of the above remain at the grain boundaries, but

their number is reduced and their si- s, Thdreas. Some of the films

are retained to temperatures near Ac 1 . The processes of spheroidiza-

tion, coagulation and carbon impoverishment of the matrix soften the

steel. Growth of the a-phase crystals in the range from 480to 7000 is

minor, obviously as a result of the inhibiting influence of the ce-

mentite along the grain boundaries of the ferrite (see also [63-65,

51]).

.4.

S- 1, .0.
-'i'

Fig. 11. Electron-microscopic structure of steel
with 1.4% C after quenching from 12000 and subse-
quent tempering [62]; a) tempering at 2600, one
hour, 15,O00X; b) tempering at 4800, one hour,
5000x.

Change in Properties '

Magnetic properties. The high coercive-force values of quenched

steel are usually explained in terms of the premises of stress theory

[68], and the secondary increase in this characteristic in the pres-

"ence of residual austenite is explained by reference to the theory of

inclusions [67, 681. On tempering, coercive force decreases, particu-

larly in the temperature interval of residual-austenite decay (see Fig.

16a) [69], and we also observe a rise in the curve (a maximum) in the

temperature range from 400-450 to 475-5500, the presence of which is

accounted for [4] by crushing of a-phase blocks. The temperature of
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the maximum is shifted into the region

X - 1 of lower tempering temperatures [701

S.• 3 with increasing carbon content in the

''I ii steel (Fig. 12). The change in maximum

It magnetic permeability (see Fig. 16b) is

K -I. due to the same processes [69]. The sat-

uration magnetization (see Fig. 16c) in-
It If 1. creases sharply on decay of the paramag-.

Ii netic austenite, but then decreases s~me-

------- what as a result of cementite formation'.

"5 TWMM . a,1 [71]. The residual induction (see Fig.

Fig. 12. Variation of co- 16d) increases particularly rapidly in
ercive force as a func-
tion of carbon content in the range from 200 to 4000 [72].
steel and tempering tem-
perature [70]. 1) U12A, Electrical properties. Resistivity.
etc.; 2) St. 6 (0.47% C);
3) St. 3 (0.15% C); 4) drops most sharply after 100 and 2300
coercive force, oersteds;
5) tempering temperature, (Fig. 13), i.e., during the times of
oC.

most rapid decay of the martensite.-and

residual austenite, respectively [73]. Above 3000, resistivity changes

only slightly and gradually (Fig. 16 e) [74]. Thermal electromotive

force changes considerably (Fig. 16f) as the carbon is precipitated

from solid solution and the lattice distortions are accordingly reduced

[30]. The Hall galvanomagnetic effect (Fig. 14) is a function of tem-

pering temperature and soaking time [75].

Thermal properties. An increase in thermal conductivity is ob-

served on decay of martensite (100-1500) and'residual austenite (200-

.2500); the subsequent increase (see Fig. 16g) is related to the trans-

ition to the heterogeneous ferrite-carbide structure [76]; Coagula1,ion

of the carbides reduces thermal conductivity insignificantly'. The

first effect on the heat-capacity curve is due to decay of martensite,
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the second to that of residual austenite, and the third to the change

in carbide state (see Fig. 16h) [45].

The latent heat of the transforma-

.-. -tions changes in the first, second and

third stages of tempering (Fig. 16i) [77].

* Volume changes. A decrease in spec-

imen length corresponds to the first and.

so o 4W third stages of tempering, and an in-

crease to the second stage (see Fig. 16j)
Fig. 13. Change in resis-
tivity of steel (1.57% C) [78]. A significant decrease in volume
on tempering (quenching
temperature 10500) [731. can be observed for the first stage of
1) Resistivity, pLohms.cm;
2) tempering temperature, tempering on the density curve (see Fig.
Oc.

16k) [791, an increase in the second

2 no

1- - - - -

4121

3flfiu&xxum&h1xn' DMP7tKo, AWN 4V

Fig. 14. Hall effect (tern- I ro

pering temperatures: upper.
curve 200, middle curve . I, LL
650, lower cdurve 1000) and- jW is#5 /AV 413 im ofIN
change in resistivity (up- rapm# wynT
per curve 650,lower curve Fig. 15.- Change in mechan-
1000. B = 18,000 gausses) ical properties and coer-
in tempering of steel with cive force on tempering
1.18% C [8,'75]. 1) Resis- (steel with 0 .82% C) [84].
tivity, ohms--mm2/m; 2) - 1) a, kgf/nmm2; 2) akW
Hall effect, 10-5 v; 3) kgf-.m/cm 2.; 3) tempering
tempering time, minutes. temperature, 00.

stage and a large decrease in volume in the third stage. The-volume
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reduction continues to 600-650o.

Residual stresses (see Fig. 161) diminish on tempering [80, 81].

Solubility in acids (see Fig. 1 6 m) is characterized by a curve

with two maxima [86]. The color change of the solution, which.may

serve as a basis for inferences concerning changes in carbide-particle

size [87] is shown in Fig. 16n.

Mechanical properties. The ultimate strength diminishes more

slowly in the interval from 400 to 4509° than in other regions (Fig. 15)

[82-84, 46, 70]. In the same temperature interval, we note a minimum-

of relative area reduction; the curves of relative elongation'and- Am

pact strength show delayed ascent (steel with 0.8% C). The same~phe-

nomena are also detected in a steel with 0.4% C [84]. These effects

are intensified when the heating rate •in tempering is increased (Fig.

17). The loss in plastic properties in the range from 400 to 4500 iS

linked with crushing of a-phase blocks [83]. On the hardness curves,

we observe two maxima for decay of the martensite and austenite (see

Fig. 16o) [85], and a slight increase in hardness is also noted at

4500 (Fig.: 15) [82, 49]. The results of microhardness determinations

on martensite and residual austenite in tempering are of interest (Fig.

18) [63].

The endurance limit rises at 300-4000 [88]. We note a sharp drop

in wear resistance in steels tempered above 3500 (see Fig. 16s) [89].

The cyclic work of deformation (damping of vibrations) diminishes in'

the tempering temperature range from 450 to 5500 (see Fig. 16 p) [821.

The data on the mechanical-property variations are in good agreement

with the general conceptions of the processes that take place in steel

on tempering.
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Fig. 17. Variation of Fig. 18. Variation of microhard-
mechanical properties of ness of martensite (M) and resid-

steel with 0.8% C after ual austenite (A) as a function

heating for tempering at of tempering temperature [63].
a rate of 4000°C/sec 1) Microhardness; 2) tempering

(V.I. Trefilov). 1) Ul- temperature, °C.
timate strength ab and

proportional limit

kgf/m•n 2 ; 2) elongation 6,'
%; 3) tempering tempera-
ture, °C; 4) transverse
necking q, %.

3. INFLUENCE OF ALLOYING ELEMENTS

First stage of tempering. Alloying elements have little influence

on the rate at which carbon is precipitated in the first stage of mar-

tensite decay. The investigations of [90, .91] indicate that one hour

0
is sufficient at 150 to bring the first stage to completion in steels

with contents of 1-2% chromium, tungsten, molybdenum, or silicon. The

temperature limits of the first stage in martensite decay thus undergo

virtually no shift. The activation energy also shows little change.

Here, the kinetics of martensite decay are determined preferentially

by the rate of formation of carbide nuclei, which depends basically on
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the extent to which the solution is supersaturated with carbon and to

a lesser degree on the rate of atom diffusion. This is what accounts

for the marked influence of carbon concentration in steel and the weak

influence of alloying elements on the course taken by the decay proc-

ess. In the first stage of martensite decay, redistribution of carbon

concentration takes place with formation of dispersed carbide par-

ticles; here, there is no change in the distribution of alloying ele-

ments. The carbide regions that form have the same alloying-element

concentrations as the initial solid solution. The redistribution kof °

the concentrations of these elements between the martensite andthe

carbides begins only when the tempering temperature is elevated to

400-4500 or when the tempering time is lengthened considerably [50,

93-95, 114].

Second stage of tempering. The alloying elements significantly

inhibit the processes of martensite decay in this stage. The tempered-

martensite state may be retained up to 400-5000. G.V. Kurdyumov [1]

accounts for the inhibiting effect of alloying elements in terms of

retarded growth of the carbide particles that have impregnated the

solid-solution lattice. This growth process requires passage of metal

atoms through the carbide/solid-solution boundary in solution of the

fine particles and through the solid-solution/carbide boundary in

growth of the large ones, as well as diffusion within the solid solu-

tion. Thus the rate of the second stage depends on the strength of the

interatomic bonds in the solid-solution and carbide lattices, as well

as on the diffusion rate of the carbon. The rate of transition of

metal atoms through the solid-solution/carbide boundary in either di-

rection is governed to a certain degree by the extent of bonding of

the metallic atoms in the solid-solution lattice. This quantity may be

Judged on the basis of recrystallization rate. Alloying elements (W,
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Mo, Cr, Co) raise the temperature and activation energy of recrystal-

lization [96]. Thus it is obvious that alloying elements influence the

kinetics of the second stage in martensite decay by strengthening the

interatomic bonds in the a-solution and the carbide phase; those alloy-

ing elements that sharply inhibit solid-solution decay strengthen the

bonding forces between atoms and raise the activation energy of recrys-

tallization significantly.

.7'

- -Z g

jti !i 21

B•enepomyp. emnn~cMI,~ T "•Jeu, erpom~p amngc#," T.

Fi.19. Change in size of carbide crystals as a
function of tempering temperature: a) for carboncobalt steel (3)
steely(1), chromium steel (2), c t steel 5 [19( ;

b) for carbon (1), chromium (2), cobalt 33, zir-
conium (4) and silicon (5) steels [4]. A) Size of

carbide granules, 10-6 cm; B) tempering tempera-
ture, 0C; C) size of carbide particles as compared

to size after tempering at 1500, g/gl 5 0 "

To characterize quantitatively the. influence exerted by specific

alloying elements, we may indicate the tempering temperatures at which

the carbon content in the a-iron reaches 0.01% (on the basis of car-

bide analysis [50]): 5000 in carbon steel (with 0.4% C), 5000 in al-

loyed steels with 0.4% C at 1.75% Si, 5000 with 3% Ni, 5500 with 2.4%

Mn, 6500 with 2% Cr and 7000 with 0.5% Mo. Increasing the extent of

carbide-particle dispersion results in retention of an increased car-

bon concentration in the a-solution. Retention of the state of tem-

pered martensite to higher temperatures dictates high hardness of the
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steel up to 450:5000.

Decay of residual austenite in tempering. To one degree or another,

alloying elements inhibit this decay [96]. In steels alloyed with car-

bide-forming elements, we observe two maxima on the decay curves of

the residual austenite (see also [30]).

Third stage of tempering. Alloying elements increase the crystal-

lattice distortions, raise the temperature at which they are eliminated,

and broaden the temperature range in which the c-phase blocks are

crushed [97J]

Fourth stage of tempering. In alloy steels, the lowest tempera-

ture at which coagulation becomes noticeable is raised from 250 to

350-4500 [19]. The growth of carbide particles in tempering of alloy

steels is illustrated by Fig. 19 [19, 93]. On the basis of a quantita-

tive study of the carbide-coagulation process in isothermal tempering,

S.Z. Bokshteyn [50] proposed a method for computing the dispersion of

carbide particles as a function of time, temperature, carbon concentra-

tion, and the content of alloying elements.

Redistribution of alloying elements. Carbide transformations. The

onset of redistribution of alloying elements between the ferrite and

carbide coincides with the last stages in martensite decay. Elements

that do not form carbides remain in solution. Redistribution of car-

bide-forming elements takes place at higher tempering temperatures and

at higher rates the stronger the bonding forces between the element

and carbon. Consequently, the ferrite of vanadium steel is found to be

least alloyed; it is followed by the ferrite of molybdenum and chromium

steel and the ferrite of manganese steel is least heavily alloyed. The

carbide transformation begins when the cementite becomes saturated

with alloying elements and results in formation of the carbide of the

specific element that is stable for the steel in question. At high con-
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tents of molybdenum and vanadium, the specific carbides may arise di-

rectly from *the solid solution [50, 98-102, 107]. Research into the

influence exerted by carbide transformations (transition of one type

of carbide into another) on the structure and properties of steel [50,J

103-104] is of considerable interest.. The investigations show that the

temperature region of secondary hardness coincides with formation of

the specific carbide and considerable retardation of relief of stresses

of the second kind [105, 106].

4. TEMPERING BRITTLENESS*

The drop in impact strength in the tempering-temperature range

from 250. to 4000 is usually known as irreversible low-temperature tem-

pering brittleness [108], while the drop in impact strength in the

range from 450 to 5750 is known as reversible tempering brittleness

[109]. In certain grades of steels, irreversible brittleness also ap-

pears at 450-550o (high-temperature irreversible tempering brittleness)
[llO].* :,

Irreversible Low-Temperature Tempering Brittleness

Until recently, this form of brittleness was accounted for in

terms of residual-austenite decay. It was also proposed [113] that the

residual austenite is, so to speak, a viscous cement that binds the

structure of quenched steel; its decay would only be exposing the true

brittleness of the martensite. Together with this, the hypothesis had

also been advanced that irreversible brittleness is caused by segrega-

tion of carbides on decay of the martensite.

V.D. Sadovskiy and his colleagues undertook a series of investiga-

tions on this question. Steels were selected in which the temperature

ranges of martensite and austenite decay did not coincide. The experi-

ments indicated that quite often, the brittleness range failed, either

wholly or in part, to coincide with the temperature range of residual-
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austenite decay. It was found further that the appearance of the car-

bide phase on tempering of martensite coincides with the development

of irreversible tempering brittleness. Those alloying elements that

inhibit martensite decay shift the range in which brittleness develops.

toward higher temperatures. Using special heat treatment, they suc-

ceeded in excluding decay of residual austenite and showing that de-

velopment of the brittleness is governed by decay of martensite. As a

result, it can now be affirmed that the development of irreversible

tempering brittleness takes place independently of residual-austenite

decay and is entirely determined by processes of carbide formation in

tempering of the martensite [108].

Irreversible High-Temperature Tempering Brittleness

This form of brittleness, which develops in the range from 450 to

5500, but is not eliminated by rapid cooling, appears in steels that

are sensitive to reversible brittleness and not susceptible to it.

This is most distinctly manifested in steels with high contents of car-*

bide-forming elements. In silicon-containing steels, the zones of low-

temperature and high-temperature irreversible brittleness merge to-

gether. Some investigators link high-temperature irreversible brittle-

ness to decay of residual austenite, while others associate it with

segregation of disperse alloyed carbides. Alloying elements whose in-

troduction into the steel might prevent the appearance of this form of

brittleness are not known. Avoidance of dangerous temperature inter-

vals in tempering of steels sensitive to this form of brittleness may

be regarded as the only measure that can be taken to prevent it [110,

113].

Reversible Tempering Brittleness

This brittleness appears after tempering in the range from 450-

5750, after tempering at 650-7000 with subsequent slow cooling or when
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steel is retempered in the range from 450-5750 after tempering at

higher temperatures with rapid subsequent cooling.

After a new tempering at 650-7000 and rapid cooling, the steel

recovers its resiliency. Subsequent soaking in the brittleness zone

again makes the steel brittle, and so forth. Increasing the number of

such cycles reduces the susceptibility of the steel to brittleness [114].

To a certain degree, a steel's tendency to reversible brittleness

is determined by smelting conditions, i.e., by the processes used in

producing it [110, 114, 115]. To a significant degree, the different

tendencies toward reversible brittleness are accounted for in this

case by fluctuations in the chemical composition of the steel, even

though they may not exceed the limits tolerated by the-standards.

The influence exerted by chemical composition is-very strong.

Phosphorus, manganese, silicon, chromium, aluminum, vanadium (as well

as nickel and copper in the presence of chromium and manganese) in-

crease the steel's tendency to reversible brittleness. Titanium, zir-

conium and nitrogen (as well as nickel and copper in the absence of

other alloying elements) have no influence on it. Molybdenum and tung-

sten reduce the tendency to reversible brittleness. Phosphorus exerts

the strongest influence on the development of reversible brittleness,

even when present in small contents in the steel [116, 120, .109, 117,

110]. With high phosphorus contents (0.1-0.2%), a steel that is resil-

ient after quenching and high tempering becomes brittle after exposure

to air for a few hours. The phenomenon described here is reversible

[118, 11, 109]. Steel with the lowest possible contents of phosphorus

and manganese is virtually insensitive to brittleness [109]. Manganese

in quantities above 0.5% imparts a sensitivity to reversible brittle-

ness to carbon steel [109], but the content of this element that causes

brittleness depends on phosphorus content [120, 110]. In the presence,
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for example, of 1.6% Cr and 2.5% Ni, raising the manganese content

from 0.25 to 0.90% increases the susceptibility of the steel to rever-

sible brittleness by a factor of 13 [121]. Silicon at a content of 1.5%

raises the tendency of chromium-nickel steel to reversible brittleness

[109, 113], although its influence is weaker than that of manganese.

Chromium raises the sensitivity to brittleness particularly in the

presence of nickel [113], manganese and silicon [110]. In a chromium-

nickel steel with 1.5% Si, chromium intensifies reversible brittleness

even in the presence of molybdenum [1091. Vanadium causes a slight

rise in sensitivity to reversible brittleness [123]; nickel steels,

which have no tendency to brittleness of this kind, acquire suscepti-

bility to it in the presence of phosphorus, chromium and manganese;

copper steels have no tendency to brittleness [110]. According to re-

cent data [122, 123], niobium and boron reduce reversible brittleness

in steel to some extent. Aluminum is usually classified as a "neutral"

element, although there are data indicating that it has some effect in

reducing brittleness, apparently as a result of refinement of the

steel grain [109]; according to another source [123], aluminum inten-

sifies reversible brittleness. Reports concerning the influence of

nitrogen are contradictory. Molybdenum introduced into steel in a cer-

tain quantity lowers the susceptibility to reversible brittleness; in

smaller or larger contents it has a weaker influence or none at all

[124]. Tungsten reduces the tendency of steel to reversible brittle-

ness and may, in some cases, act as a rather effective substitute for

molybdenum [125]. Titanium and niobium cannot be used effectively to

suppress reversible brittleness; these elements can only alleviate it

to a minor degree by refining the steel's grain.

Carbon increases reversible brittleness sharply; in its absence

(0.003%), brittleness does not appear even in chrome-nickel steel [126].

- 117 -



Carbon steels are, susceptible to reversible brittleness [114, 127, 128].

The temperature range of its development in a steel with 0.6% C is the

same as for alloy steels (500-650o). Reversible brittleness also devel-

ops in those parts of carbon-steel products that were not quenched to

martensite. The maximum brittleness is observed on cooling at 20°C/hour,

and the reversible brittleness diminishes with higher or lower cooling

rates. With 0.35% Mn and 0.01% P, no brittleness is detected; it is

significant with 0.4% Mn and 0.05% P; it is less pronounced at 0.9% Mn

and 0.01% P; the embrittlement effect has its maximum at 0.8% Mn and

0.05% P (the GOST upper limits for steels to be used for railway-car

wheels) [129]. The idea of rapid embrittlement of carbon steel has not

been confirmed by experiments [116, 109, 129]..

The conditions of heat treatment strongly influence the develop-

ment of brittleness. Reversible brittleness increases with increasing

grain size in the austenite [114, 116, 130]. Chilling before quenching,

which reduces stresses in the quenched steel but has no effect on the

size of the austenite grain, does not alleviate brittleness [109]. A

holding period at a rather low chilling temperature may help slightly V

[130]. Overheating sharply increases brittleness; to eliminate it, the

steel must be heated above Chernov's point b, cooled and again heated

to the quenching temperature [131]. Repeated quenching from the crit-

ical interval (between Ac1 and Ac 3 ) reduces the sensitivity to brittle-

ness [132]. Raising the tempering temperature inhibits subsequent de-

velopment of brittleness at lower temperaturies [114]. As the holding

time in high tempering (6500) is prolonged, the toughness falls off,

reaches a minimum, and then begins to rise again [114, 130, 133, 94,

102]. The cold-shortness threshold is shifted toward lower tempera-

tures [125]. With increasing heating rate for quenching [134] and for

tempering [55, 56] and diminishing holding times in tempering, revers-
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ible brittleness is reduced and even prevented altogether. In the

structures obtained as a result of isothermal decay of chrome-nickel

steels, reversible brittleness develops to a lesser degree than it

does in tempered martensite [116]. Raising the temperature of iso-

thermal decay strengthens the tendency to brittleness [135]. Revers-

ible brittleness is also observed in annealed steels [114, 136]. Its

development raises the temperature of the transition to brittle failure

in determinations of impact strength as a function of test temperature.

Rational evaluation of a steel's tendency to brittleness is possible

only as a result of series testing and determination of the shift in

the critical brittleness temperature under the influence of embrittle-

ment of the steel [109, i1, 114, 127, 120, 131 and others]. All known

cases of tempering brittleness may be regarded as varieties of the

cold-shortness phenomenon, although we may not yet speak of identity

of the cold-shortness and tempering-brittleness problems ([109] - see

also [138, 137]). A shift in the cold-shortness curves indicates the

presence of tempering brittleness, but characterizes the degree of its

development only highly approximately [109]. Brittleness is character-

ized by reduced tensile breaking strengths [139]. Failure occurs along

the austenite grain boundaries of the a-phase [li3, 116, 140]. Under

the influence of cold plastic deformation, the susceptibility to irre-

versible and reversible brittleness is reduced [114, 141]. Plastic de-

formation in the austenitic state followed by quenching prior to re-

crystallization alleviates both irreversible and reversible tempering

brittleness sharply [142].

It was believed for a long time that the results of mechanical

tests with static load application remained the same on transition

from the tough to the brittle state. Recently, however, brittleness

has also been established in static testing [116, .143, 139, 138, 109
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and others]; here, wear increases [144], endurance declines [145], and

microhardness rises slightly [158]. Internal friction is higher in

tough specimens [125].

Investigation of physical, including electrical and magnetic prop-

erties in the tough and brittle states has produced highly contradic-

tory data [114, 116, 146 and others], since the presence of large

residual stresses in the tough specimens and the varying residence

times of the brittle and tough specimens in the zone of comparatively

high temperatures were not taken into account. By special heat treat,.

ment, S.N. Polyakov succeeded in excluding the influence of the above

factors. It was found that the coercive force of steel is 12% higher

in the brittle state than in the tough state, while the hardness is 5%

higher. The resistivity of tough specimens was also higher. In a steel

without a tendency to tempering brittleness that was nevertheless

tested in both the tough and brittle states, no property differences

were observed [129].

The chemical properties of steel are different in the brittle and
tough states. Thus, the rate of corrosion was found higher in speci- 4

mens subjected to reversible brittleness [144].

In recent years, reagents have been suggested that make it pos-

sible to distinguish the states of reversible brittleness and tough-

ness from the microstructure by the sharply etched grain boundaries

[116, 147, 125, 148, 133 and others]. Use of the electron microscope

and electron-diffraction apparatus has not yet given unequivocal re-

sults [149, 150, 116, 151, 152]. According to x-ray analysis, the ma-

jor part of the carbides retains the cementite lattice [i14, 150, 125,

127] on transition of the steel from the tough to the brittle state.

Reports concerning the quantity of carbide phase in brittle and tough

specimens are contradictory [125, 127].
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It was assumed earlier that the solid solution of carbon in a-iron

that forms when steel is heated to temperatures near AcI decays so

readily on cooling that i.t cannot be prevented even by sharp quenching.

It was considered that the carbon has time to precipitate out of the

a-solution even during extremely rapid cooling. But it has been shown

comparatively recently by G.V. Kurdyumov and his colleagues that while

the martensite crystals in quenched carbon steels with 0.2-0.6% C rep-

resent a partially decayed solid solution, all of the carbon may be

fixed in solid solution at carbon concentrations lower or higher than

the above [153]; there are also other reports that tend to confirm

these observations [154, 155, 159].

An investigation of the solubility of carbon in a-iron alloyed

with manganese or molybdenum, which also embraced the kinetics of car-

bon precipitation from solution [156,

7W - 129] and employed the internal-frictioni1A method showed that the presence of man-

ganese (0.75%) and molybdenum (0.4%)

" " i lowers the solubility of carbon in iron

m -•(Fig. 20). However, with-manganese alone

- 1 present in the iron (with 0.03% C), the

q 4 quantity of carbides precipitated is one-

m, .... u iB6q•a ieewcsUSR M# I. third as large as in iron; in the pres-

Fig. 20. Solubility of ence of molybdenum alone, the quantity

carbon in a-iron as aof carbides was the same as in iron with
function of manganese and
molybdenum contents. 1)
Technical iron (0.03% C); 0.03% C without the alloying additives.
2) same, with 0.75% Mn;
3) technical iron (differ- Manganese Sharply inhibits the onset of
ent composition); 4) same
with 0.4% Mo [156, 129]. the precipitation process; addition of
A) Quenching temperature, molybdenum does not influence its course.
OC; B) internal friction

_rak .10 4 . In a molybdenum-alloyed iron with 0.03% C,
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tempering at 550-650° forms a highly stable carbide, so that virtually

no solubility of carbon in the a-iron is noted. Thus, the tendency of

the steel to reversible tempering brittleness is increased in the pres-

ence of manganese, apparently because this element raises the relative

quantity of the precipitating phase and inhibits the coagulation proc-

ess of the finely dispersed carbides; in the presence of an optimum

amount of molybdenum, the relative quantity of precipitated phase does

not increase, and its coagulation is not delayed. If specific carbides

are formed in tempering no excess phase separates out [129].

At the present time, there are two basic.viewpoints as to the na-

ture of the phenomenon of reversible tempering brittleness.

According to one of these, reversible tempering brittleness is a

consequence of a drop in brittle strength due to the segregation of

certain phases at the boundaries of grains and mosaic blocks. It is

generally known that on heating to 600-700o, the solubility of various

components in steel rises, and that they are then separated out during

slow cooling or on retempering with subsequent rapid cooling. The

phase separation responsible for brittleness represents the result of

the decay of solid solutions that form on heating (for high tempering

or annealing). The hypothesis of internal adsorption proposed by V.I.

Arkharov, according to which surface-active impurities are nonuniformly

distributed in the grain volume in polycrystalline solid solutions

[160, 161, 117, 131], enables us to assume the possibility of forma-

tion of supersaturated solutions in the surface layers of the granules,

even in cases where the average composition of the solution is far

from saturation. It appears that no unequivocal answer can be proposed

for the question as to the nature of the phase whose separation pro-

duces brittleness; there is a possibility that it is different in dif-

ferent steels; it is also possible that in certain cases, brittleness'
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is caused by simultaneous precipitation of two or more phases [109].

In ordinary-type steels, phosphorus has a highly important role. The

segregations may be phosphides, carbides, nitrides, and so forth [120,

157 and others]. The standpoint set forth here is confirmed by recent

data on hardness and microhardness increases, an increase in internal

friction and deterioration of corrosion resistance, and changes in re-

sistivityand coercive force.; also, by certain investigations carried

out with the electron microscope and electron-diffraction apparatus,

by data on the possibility of fixing the carbon in solid solution by

rapid cooling, by data on the horophilic nature of the carbon and the.

concentration of its atoms at points of distortion of the a-iron lat-

tice force field, and so forth..

According to the second point of view, reversible tempering brit-

tleness and thermal brittleness are associated with segregation (with-

out precipitation of a crystalline phase from the solid solution) of

atoms of dissolved elements toward the grain boundaries and the distor-

tions of the atomic crystal lattice of the solvent in the boundary sec-

tions of the grains that result from these displacements [111 and

others]. Certain objections have been raised against the segregation

hypothesis in the synopsis [109].

The problem of reversible tempering brittleness cannot yet be re-

garded as solved, since no altogether unequivocal proofs have as yet

been presented for any specific point of view. It must be acknowledged,

however, that both the older and the more recent data are in complete

agreement with the "solution-precipitation" theory [109] when it is

supplemented by conceptions as to the possibility of nonuniform dis-

tribution of surface-active elements in the solid solutions [160, 161,

117].
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Manu-
script [Footnotes) 4
Page

No.

90 Editor's note: for carbon steel and a heating rate of 100C/min.

95 I.V. Isachev found that the rhombic lattice of the carbide
formed from FexC at 300-400o differs from the cementite lat-
tice and comes to resemble it more closely only as the tem-
perature of tempering is raised to 6000 [43].

114 The phenomena of thermal brittleness [111], which arises on
prolonged application of elevated temperature, and blue
brittleness [112], which appears under static loading-at
200-300o d under impact loading at 500-5500, are not con-
sidered here, although their nature has much in common with
tempering brittleness [111].

112
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