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FOREWORD

Late o0 sone@ains papers presented at a symposium sponsored by
oo et jiurgs Branch, Metals and Ceramics Ladboratory, Direcstorate
T Ls .ud Processes, The symposium was held at the Air Foroe
(.. .ar oite at Orlando AFB, Neorida on 5,6, and 7 December 1962.

¥ith the increased demand upon the capabilities of metals, it 1is
~o008sary to inorease our understanding of the fundamental properties
vhich influence their mechanical behavior. The existence of substructure
in ocrystalline materials has been recognized for many years and has been
shown to have important effects on their properties.

Through the development of nev research tools, such as transmission
electron microscopy and advanced x-ray diffraction, great progress in
defining the role of substructure has been made in recent years and it
wvas felt that the time was appropriate for s symposium. Papers were
iavited to cover both the state-of-the-art and current research in
progress and were divided into the following four sessions: (1) Experimental
Techniques for Observing and Messuring Substructure; (2) Development of
Substructure by Deformation, Recovery, and Reorystallization; (3) The Role
of Substructure in Yielding, Twinning, and Fracture; and (4) The Role of
Substructure in Transformetion and Precipitation. A fifth session
oonsisted of a panel discussion which summarized the main contributions

of the conference and highlighted the critical problems which remain to
be solved,

The Physical Metallurgy Branch wishes to express appreciation for the
excellent support provided by the session chairmen who not only acted in
this capacity, but also plenned the material to be covered and invited
the pepers. They were FProfessor S, VWeissmann, Professor C. S. Barrett,
Professor W, S, Owen, Dr. L. S, Darken, and Professor M. Cohen who chaired
the respective sessions mentioned above.



ABSTRACT

The papers contained in this teshniocal documentary repor: were
presented at a symposium vwhich dealt with the subject of substructure
and its effect on the mechanical properties of metals. The symposium
was held in Orlando, Florida on 5-7 December 1962. Both review
papors and reports of current research are included. The following
general subject areas are covered: experiwental techniques for
observing and msssuring subsiructure; development of substructure by
deformation, recovery, and recrystallization; the role of substructure
in yielding, twinning, and fracture; and the role of substructure in
Sransformation and precipitation,

This technical documentary report has been reviewed and is

spproved.
f. PERIMUTTER

Chief, Fhysical Metasllurgy Branch
Metals and Ceramics Laboratory
Directorate of Materials and Processes
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Internal Priction Studies of SUbltructuro.

A. V. Granato
University of Illinois, Urbana, Illinois

Abstract

A review is given of the type of information con-
cerning mechanical properties of crystals obtainable
from internal friction measurements. The methods of
measurement, together with their advantages, dis-
advantages and limitations are outlined. Results are
described within a framework in which defect inter-
actions are considered from the "particle®" point of
view. A selection of results found by internal
friction techniques which are often difficult to obtain
by other methods is described. These include recent
measurements which have contributed to the understanding
of dislocation interactions with point defects and
phonons, as well as dislocation distributions in de-
formed materials.

I. Introduction

A. Concerning the Definition of Substructure. 1If by sub-
structure, one means structure having to do with small
angle boundaries, then it must be admitted at the outset
that internal friction methods have so far provided us
with very little information about this aspect of
mechanical behavior. On the other hand, if the definition
of substructure is broadened to include other defects,
as has been suggested, then we find that internal
friction methods supply us with much information of a
type which is often difficult to acquire by other
methods. For the purposes of the present article, we
shall regard grain boundaries as the primary structure,
and all other defects including single dislocations,
dislocations in interaction with other dislocations to
form small angle boundaries, point defects, etc., as
composing the substructure.

B. Mobility of Dislocations. The extent to which internal
friction techniques can be used to study dislocatiore .
the extent to which the dislocations are mobile. In
a solid containing no defects, ultrasonic plane waves
should propagate without attenuation. A plane wave
traveling in a solid containing dislocations is attenuated,
and the attenuation depends sensitively upon the mobility

Manusoript released by authors March 1963 for publication as an ASD Technical
Documentary Report.
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of the dislocations. The mobility, in turn, depends
upon the interactions of dislocations with point defects,
phonons and other dislocations. Thus, measurements of
internal friction, or ultrasonic wave propagation in
crystals, are uniquely suited for the study of dis-
location interactions with other defects. On the other
hand, if the dislocation interactions are such as to
render the dislocations immobile, then no internal
friction is obtained. Thus the technique is limited to
the study of mobile dislocations.

Some General Features of Internal Friction Measurements.
Advantages of internal friction measurements derive

from (1) the sensitivity of the method, (2) the selectivity
of the measurements, (3) the fact that the results can

be made quantitative, and (4) the fact that the mcasurements
are non-destructivi1 Fog example, defect concentrations

of the order of 10 cm™ can have an important effect

on the internal friction. Also, the internal friction is
sensitive only to those point defects which arrive at
dislocations, in contrast to properties such as resistivity.
which are sensitive to all the defects in the lattice.

The method is especially suited to the study of defect
interactions, since it is only by these interactions

that changes in the ultrasonic wave propagation char-
acteristics are induced. A large amount of detail can

be found because of the large number of variables which

can be controlled (frequency, strain amplitude, tem-
perature, point defect concentration, ultrasonic mode
orientation, purity, deformation, and others). 2s a dis-
advantage, a detailed theory or model of dislocation inter-
actions is required to interpret the results. The

latter difficulty is one which has held up progress in

the use of this technique until quite recently.

Measurements of internal friction tend to complement,
and not to compete with measurements made by direct
observations and also with other indirect observations.
Internal friction measurements differ from other indirect
observations in sensitivity and in the linearity of
the effects with defect concentrations. For example,
properties such as resistivity, lattice parameter,
density and stored energy are usually linear in the
defect concentration, and this fact leads to simplicity
in interpretation of resulte. However, it is normally
necessary to have defect concentrations considerably in
excess Of parts per million to obtain measurable effects.
On the other hand, internal friction measurements require
more interpretation (the internal friction depends on
the fourth power of the pinning point density in common
cases), but fewer defects are required for measurable
effects and more detail is oktained in the measurements.
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Methods of Measurement. A great deal of work so far has
been done iu the kilocycle and megacyle range, although
some work has also been carried out at lower frequencies.
The teﬁ_yiques used have been well described in many
places. We shall only mention here some of those features
of importance in work on the study of defects in crystals.
In the 10-40 kilocycle range the technique usually used

18 to set up a standing wave in a long thin specimen. A
typical size of specimen might be about a Juarter inch

in diameter and two inches in length. Harmonics of the
fundamental vibration may also be used bu‘ there are
difficulties here because different parts of the specimen
are excited for different harmonics. The specimen may

be driven into resonance by an eddy current drive or by

a quartz rod attached to the specimen. The advantage

of the former method of coupling is that measurements as

a function of temperature are easily made. Even in the
latter case, the quartz may be bonded to the specimen at

a strain node so that deformation arising from differential
expansion at the specimen-quart= interface during temperature
changes does not dis.urb the measurement grea&ly. The
strgin amplitude may be varied from below 10 ° to above
1072, depending upon the specimen damping.

Measurements in the 3-300 mc/sec range are made using
the pulse technique. Specimens are often in the shape
of flat cylindrical disks with typical dimensions of half
inch in thickness and one inch in diameter. A thin quartz
transducer disk, of diameter half inch or less, is
attached by means of an extremely thin bonding layer.
The transducer is used both as a transmitter and receiver
of ultrasonic pulses. After each round trip in the
specimen the pulse is detected and all the echoes are
displayed on an oscilloscope, from which the attenuation
is measured. Measurements as a function of temperature
offer difficulties here, since the differential expansion
at the specimen-quartz interface introduces deformation in
soft crystals. However, frequency measurements are
easier to make here than in the kilocycle region. All
odd harmonics of the fundamental driving frequency of the
quartz can be used until the attenuation becomes too
large to measure. Also several modes of propagation
(longitudinal and shear) can usually be used, permitting
a study of orientation effects. Normally the str?in
amplitudes available are low, of the order of 107/ or
less. The major difficulty in specimen preparation here
is in the requirement that the two reflecting faces be
accurately parallel. For measurements above about
50 mc/sec, optical tolerances are often required. It
is possible to mount the transducer on the end face of
a tensile specimen, so0 that measurements oOf Q tenuation
and velocity can be made during deformation. In
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summary, measurements as a function of temperature and strain
amplitude are easy in the kilocycle region and difficult

in the megacycle region, but measurements as a function

of deformation, frequency and orientation are easy in

the megacycle region and difficult in the kilocycle

region.

In what follows, we give first a discussion c£ the
model used in interpreting internal friction effects,
then a framework in terms of defect interactions in
which the experiments are to be discussed, and finally,

a discussion of a limited selection of experiments as
examples of the type of information concerning mechanical
properties obtainable from internal friction experiments.

II. The Model

A.

Types of Effects. There are a number of ways in which
dislocations can contribute to internal friction. A
dislocation segment oscillating between two pinning points
(vibrating string model) gives one characteristic type of
damping. Dislocations which break away from pinning
points under stress lead to another type. Dislocations
which move by overcoming Peierls barriers are supposed

to give rise to the low temperature Bordoni peaks. There
are also other mechanisms, models for which have not

yet been developed. In particular, there is not as yet

a suitable model for the highly deformed state. However,
the single dislocation segment model which neglects
interactions between dislocations seems to work sur-
prisingly well for moderate deformation (up to about 4%).
In what follows we discuss only the vibrating string
model since its predictions are definite and many experi-
mental checks of these predictions are now available.

We are interested in answering first basic questions

such as "What is the physical source of the damping?"

and "What is a pinning point?". Then having settled
this, we look to see how internal friction measurements
can be applied to the study of mechanical properties of
crystals.

Dislocation Contribution to the Total Strair . The basis
for internal friction effects lies in the fact that dis-
location motion contributes to the total strain developed
in a specimen under stress. For a given applied stress,
a solid containing dislocations has a larger strain

than a perfect crystal, so that the elastic modulus
appears to be lower. Under the action of an alternating
stress, the dislocation component of the sitrain may lag
behind the applied stress. This leads then not only to
a reduction in modulus but also to a damping of the
applied stress. Simple estimates of the magnitude of
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the expected effect for typical dislocation densities
lead to much larger values than the observed effects

if it 1s assumed that the dislocations are perfectly
mobile with no restrictions on their motion. It may
therefore be concluded that there must be impediments

to the motion of dislocations. Generally speaking,

the same types of obstacles have been assumed as those
assumed in yield atress theories, where a similar
problem is faced. These are, for example: atomic
pinning points, network points, jogs, other dislocations,
etc. But even with such restrictions, one must explain
why the dislocation motion lags behind the applied
stress. For smooth dislocation moticns, one may imagine
that the dislocation is viscously damped as it moves
through the electron or phonon gas. Also impediments
which lead to a jerky motion of the dislocation will
lead to a phase lag. Examples o0f the latter type of
effect are provided by motion over Peierls barriers at low
stresses, and catastrophic unpinning of dislocations at
high stresses.

Vibrating String Model. A model, proposed gy Koehler,é/
and developed further by Granato and Liicke, using an
analogy between a vibrating string in a viscous medium
and dislocation oscillations has been proven to be
correct in most of its particulars. In this model,
advantage is taken of the fact that a dislocation has an
effective mass per unit length and an effective tension.
Thus an equation of motion for small oscillations of a
dislocation may be written as

AY +BY -CY_ =Dbo (1)
where A is the effective mass for unit length, Y is the
dislocation displacement measured from the equilibrium
position as indicated in Fig. 1, B is the viscous damping
constant, C is the tension, b the Burgers vector, g the
applied stress, t the time, x a coordinate along the
dislocation, and subscripts denote differention. The
solution of Eq. (l) together with the boundary conditions
Y(o) and Y(g) = 0, where pinning points are piaced at
x = 0 and g gives the dislocation displacement Y as a
function of the frequency w of the applied stress og{w).
Using this the dislocation strain and then the effective mod-
ulus (or ultrasonic wave velocity) and decrement (or
ultrasonic wave attenuation) is easily found. The re-
sulting decrement has a typical resonance type frequency
behavior, which depends, however, on the magnitude of
the viscous damping constant B. Theoretical estimates
of the damping constant to be expected fog dislocation
interactions with phonon and electrons—/ have been
made by Leibfried and Eshelby. From these one expects
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(1) that the phonon interaction is much larger than the
electron interaction, aand (2) that the phonon inter-

action is so large that the dislocation resonance is over-
damped. This has the effect of broadening out the resonance
and moving it to lower frequencies. Also when account is
taken of the fact that not all dislocations have the same
length, the expected maximum is broadened out further.

For typical expected dislocation segments of length of
order 1 micron, the expected resonance frequency is at about
109 cycles/sec. However, because of the large damping (we
may picture the dislocation as a string moving in heavy
molasses), the maximum may be brought down to frequencies

as low as 100 kc/sec. At the s frequencies where the
decrement goes through a maximuzygispersion in the elastic
constant is expected. As is indicated schematically in

Fig. 1, the displacement of the dislocation is a function

of frequency. (The dislocation strain, and thus the
modulus reduction is proportional to the area swept out by
the dislocation.) At low frequencies, the velocity of the
dislocation is small so that the viscous forcz is small.

The displacement is then limited by the tension forces and
is parabolic in shape. At high enough frequencies, however,
the viscous forces become dominant, and the displacement

of the dislocation cannot achieve its full value. In this
case the dislocation moves more like a rigid rod over most
of its length, coming down to zero displacement only near
the pinning points. Thus we expect the effect of pinning
points to be large at low frequencies and negligible at
high frequencies.

The dispersion effect is illustrated in Fig. 2 in which
the velocity of compressional_waves was measured by
Granato, de Klerk, and Truell’” in a sodium chloride
crystal as a function of frequency before and after a
slight deformation. Before deformation there is only a
small dispersion of 0.5% centered at about 75 mc/sec.
After the deformation, the magnitude of the dispersion
has increased to about 4% and has moved to a lower frequency
(35 mc/sec). At room temperature, the dispersion was
observed to gradually recover towards the initial con-
dition, presumably as a result of dislocation pinning by
deformation induced defects. The interpretation of the
effect according to the vibrating string model is as
follows. At low frequencies, the dislocations are in
phase with the ultrasonic stress. When the stress is
applied, the apparent elastic constant (and therefore the
ultrasonic velocity) is reduced because the dislocation
motion makes the specimen less rigid. However, at high
frequencies the dislocations can no longer follow the
rapidly changing stress, so that the modulus approaches
the true elastic value.



III.

The frequency dependence of the decrement arising
from dislocation motion is illustrateg in Fig. 3. These
are measurements by Stern and Granato—/ showing the effect
of cobalt gamma irradiation on the decrement of high purity
copper. Before irradiation, the decrement has a maximum at
a few megacycles. The gamma rays produce electrons which
are energetic enough to displace lattice atoms, giving
interstitials which can be effective as pinning points.
After 50 hours of irradiation in a 6000 ¢ cobalt source, the
height of the maximum decreased and the location increased
to about 100 mc/sec. The decrement at low frequencies is
much more sensitive to the increased number of pinning
points than that at high frequencies, as we expected from
our previous discussion of Fig. 1.

According to the theory2 the height ¢f the maximum
should be properticonal to AL and the location c¢f the maximum
proportional to 1/BL? where p is the total dislocation
density, and L is the average loop length. At frequencies
much lower than that at which the maxiTum occurs, the
decrement should be proportional to AL™ Bw and the modulus
to AL2. The predicted dependence_con loop length has been
confirmed by Thompson and Holmes. Thus measurements 0of the
height and location of the decrement in the megacycle
range give the same information as measurements of e
decrement and modulus in the kilocycle range. Actually,
the two quantities which can be determined from the measure-
ments are the ratios A/B and L/[c.8/ Before dislocation
densities and loop lengths can be determined, the damping
constant B and tension c must be known. We shall discuss
means by which the damping constant can be determined in a
later section.

A Formal Framework In Terms of Defect Interactions.

Because the internal friction effects depend entirely
upon the interactions of dislocations with other defects,
we shall find it convenient to classify the effects in terms
of defect interactioia using the "particle" point of view
introduced by Seitz.——/ The defects to be considered are
dislocations, point defects and phonons. This omits but
two of the six primary defects in crystals: electrons and
excitons. (Foreign atoms have been lumped into the point
defect category together with vacancies and interstitials.)
We consider first dislocation interactions between pairs
of defects.

Dislocation-phonon Interations. We first note that phonons
interact with dislocations in essentially two ways. Just as
in the case of Brownian motion of a particle in an external
field, a dislocation moving through a phonon gas under the
action of an external applied stress is subject to both a
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viscous drag and to fluctuations in displacement. The
latter effect is thought to give rise to the Bordoni peak,
but will not be discussed here.

Dislocation-point Defect Interaction. The best known
interaction of this type is that first discussed by
Cottrell.ll/ Because an oversized (or undersized)

impurity can relieve the strain energy of the lattice by
moving to the dilated (or compressed) region near a dis-
location, the dislocation will be bound to the impurity.
The binding strength will be small, at most of the order

of a few tenths of an electron volt, so that a sufficiently
large stress can pull the dislocation away from immobile
point defects. Interstitial atoms and vacancies can also
act as pinning points. Other possibilities are jogs, dis-
location nodes, intersections and places where a dislocation
may move out of the slip plane.

Dislocation-dislocation Interactions. Dislocations may inter-
act with other dislocations at a distance through their long
range stress fields, and also (more strongly) at points of

con -act. P. mably these effects should become important

in ¢ formers .terials where the dislocation density is
high * a4i. lculty here is that the predictions of any
theo. or these effects depend sensitively on the model

assumeu, but so far no simple model has been established

as being representative. Presumably small angle boundaries
and pile-ups which are mobile should lead to internal
friction with certain special characteristics. Calculations
for these configurations have not yet been attempted.
Perhaps as a result of the direct observations reported

at this conference, we shall learn which of the possible
arrangements should be taken most seriously as models for
damping in heavily deformed materials. Generally speaking,
the measurements show that for high enocugh deformation,

the damping decreases. This shows that the effect of dis-
location interactions in inhibiting dislocation mobility
more than compensates for the increased dislocation density.

Point Defect-Phonon Interactions. By using dislocations

as an intermediary defect, diffusion effects can be studied.
For example, by measuring the rate at which dislocations

are pinned as a function of temperature, the activation
energy of migration of defects can be measured.

Dislocation-phonon-point Defect Interactions. The combined
effect of triple interactions between these basic defects
shows up in a striking way in measurements of the effect

of thermal fluctuations on dislocation breakaway from
pinning points at high strain amplitudes. This is a.. area
wkich has not yet been exploited.
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IVC

A,

Some Selected Experiments of Interest in the Stud £ ch
Behavior of Crystals.

Dislocation--Phonon interactions. Recently the properties of
the internal friction of copper at mg acycle frequencies have
been stug}ed by Alers and Thompson__jand also by Stern and
Granato, These experiments are complementary since Alers
and Thompson studied the attenuation and velocity in a copper
crystal before and after neutron irradiation as a function of
temperature and orientation, while Stern and Granato studied
the attenuation changes during gamma irradiation as a function
of irradiation time and frequency. The results will be
discussed together., As already noted earlier, and as is easily
seen from Fig. 3, at high frequencies, the attenuation depends
only on the dislocation density and the damping constant, and
not on the loop length or dislocation line tension. By making
an independent count of the dislocation density, the magnitude
of the damping constant could be determined. Furthermore, the
damping constant was found to be linear in temperature. The
latter fact is in accord with what is to be expected if
scattering by phonons is the source of the damping, since

the damping constant should then be proportional to the phonon
density according to Leibfried or linear in temperature

(at not too low temperatures). The magnitude of the damping
constant found was somewhat in excess ?about a factor of 4) of
that given by Leibfried's estimate. A similar discrepancy is
found in the ratio of the observed to the calculated thermal
resistance at low temperatures caused by dislocations. Both
Alers and Thompson and Stern and Granato concluded that the
physical source of the damping at megacycle frequencies was
the scattering of phonons by the moving dislocations and that
the vibrating string model is applicable. In addition, by
extrapolation of megacycle results into the kilocycle range,
and vice vers ', Granato and Ster 13/were able to show that the
same mechanism accounts for the part of the damping observed
in the kilocycle range which can be removed by irradiation
pinning. Thus it seems safe to say that the question as to
the source of the damping is now understood.

An interesting side result here is that from these results,
a question that arose early in dislocation theory can now be
answered. The question is: "Can relativistic velocities of
dislocations be achieved at stresses near the yield stress?"
The answer is no. From the value of the magnitude of the
dislocation-phonon interaction strength deduced ultrasonically,
one finds that in copper a:—foom temperature the relation
between velocity and stres is

v/c = 6/(75G) (2)
9



where c is the shear wave velocity and G is the shear modulus.
S8ince the theoretical yield stress of a perfect crystal is of
order G/30, stresses of the order of the yield stress of per-
fect crystals would be required for relativistic velocities.

The question which remains is: "wWhat is the mechanism of
the scattering of phonons by dislocations?" It has not yet
been determined whether this is due to scattering by the
strain field (which changes the elastic constants in the
vicinity of the dislocation) or whether the scattering is due
to a reradiation of sound waves by the dislocation under the
influence of the incident phonons.

It has been pointed out by Masonl#/that the szme mechanism
limits the velocity of diglocations at high stresses as found
by Johnston and Gilma in direct observations of the motion
of etch pits, From these direct observations, the damping
constant for LiFl is found from the relation

bo = Bv (3)

to be 7.0 x 10~% (c.g.s. units). This is the same value found
for copper ultrasonically. An ultrasonic experiment in LiF

is now in progress at Illinois which should check these in-
dependent methods. If the ultrasonic determination agrees
with that found from the Johnston-Gilman technique, then it
should be possible to determine the dislocation-phonon inter-
action strength for other materials by the (simpler) ultrasonmic
method.

B. Dislocation-pinning point interactions. Recently, a
significant step forward was taken in this area by Bauer and
Gordon,16/who showed that it is possible, by combining ultra-
sonic and optical measurements, to identify the atomic
configuration which is effective in pinning a dislocation in
NaCl, Bauer and Gordon found that dislocation pinning in
x-irradiated NaCl proceeded at the same rate at low temperatures
as it did at room temperature. From this they concluded that
diffusion of point defects is not involved in the pinning pro-
cess and that the pinning points must be produced at the
dislocation core. Further, they discovered that dislocations
pinned by irradiation at low temperatures can be unpinned by
light. This effect is shown in Fig. 4. Bauer and Gordon note
that a model used to explain dislocation pinning must satisfy
many conditions to be in agreement with their observations,
First, defects must be created at, or in the immediate vicinity
of, free dislocation segments; in addition, these defects must
act as strong pinning points. Furthermore, the pinning defect
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must possess a characteristic optical absorption band and must
be simple enough to be "dissolved" when it is ionized or
excited, In the case of rock salt it is found, for example,
that unpinning is produced only by light with wavelengths within
a fairly narrow band centered about 63008. Finally, the defect
must occur generally in the alkali halides (with the possible
exception of LiF). The model must also be capable of explain-
ing how dislocation pinning can be reversed at low temperatures
but converted toc a permanent type of pinning if the crystal is
warmed to room temperature, and how unpinning illumination is
capable of unpinning dislocations at low temperatures while

F illumination can cause additional pinning at all temperatures.
The model put forward by Bauer and Gordon which fits all these
experimental facts .= one in which the pianing poir’' is
identified as a complex consisting of a jog on a dislocation
formed by a Cl-ion and a F-center located one atom distance
away and below the slip plane. Because this F-center is in a
region where the crystal structure is dilated its absorption
band is shifted toward the red, i.e., from 4500 to 6300%&, an
amount which is in agreement with the shift calculated from the
srain field about a dislocation in rock salt, Ionization of
the F-center by 63004 light results in electrostatic attraction
between the negative-ion vacancy so formed and the Cl-ion form-
ing the jog on the dislocation; recombination of this Cl-ion
and its neighboring vacancy causes the pinning point to "dis-
solve". The model predicts that if a crystal irradiated at low
temperature is warmed up in the dark to a temperature where
F-centers can diffuse and then cooled down again, it should no
longer be possible to remove the pinning points by illumination,
as is observed.

Another experiment by Bakerll/establishes the result thc
the velocities observed by Johnston and Gilman are not the
velocities of the dislocations at a given stress level, but
only the velocities of the pinning points. Baker observes
periodic dislocation motion of amplitude 1000b at stress levels
an order of magnitude below the macroscopic yield stress. The
velocity of the dislocations is then of order lcm/sec (v ~ dw,
where d is the amplitude of motion and w is the frequency of
oscillation). This result demonstrates that the Peierls force
is not effective in limiting dislocation motion. The dis-
locations oscillate at high speeds between pinning points. The
overall motion cf the dislocations is limited by the speed of the
Pinning points. This result is a good example of ways by which
internal friction measurements can help to distinguish between
various postulated deformation mechanisms.
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The fact that the dislocations in NaCl are not Peierls
stress limited can also be seen from the low temperature
elastic modulus measurements of Bauer and Gordonlf/ shown in
Fig. 5, The fact that the modulus of unirradiated NaCl is
lower than that in the irradiated state shows that the dis-
locations are mobile even a helium temperatures.

As a final example of the study of dislocation-pinning
point interactions we may n7te the interesting observation
made by Hikata and Tutumil8/shown in Fig. 6. They find a
striking similarity in the curves of creep rate and ultrasonic
attenuation in aluminum at room temperature. In this case the
pinning points must be carried along with the dislocations as
they move through the lattice. This suggests that jogs may be
the etfective pinning points in these measurements. The
similarity in the shape of the curves may be understood if
both depena primarily on the distance between pinning points
and this distance is assumed to decrease with time at constant
load. This is so because both attenuation and creep rate
depena sensitively upon t.ae distance L between pinning points.
The former depends upon the 4th power of L, whereas the latter
should depenu exponentially upon L. Presumably, L decreases
because of jog formation in dislocation intersections,
Measurements ot both attenuation and velocity should permit one
to compute the creep rate curve completely from ultrasonic
data.

Point defect-phonon interactions. An example of the way in
which point defect diffusion migration activation energies

can be de S ined is given by the analysis by Granato, Hikata
and Liicke—?:)‘f the recovery data of A.D.N. Smith.20/ "smith
deformed copper specimens by 1 percent and measured the recovery
of the modulus as a function oi temperature and recovery time.
By assuming that the recovery mechanism is the pinning of
dislocations by deformation induced defects, an activation
energy of 1 eV was found, which was assumed to be thdt for
vacancy migration energy. At the time of this assignment, all
other assignments for this quantity were either near 0.8 eV

or less or 1.2 eV or more. In the meantime, the m%i ation
energy has been determined by Simmons and Balluffi and the
ultrasonic value is the only previous assignment in agreement
with their value. This suggests that the ultrasonic method
may be a useful one for such studies.

A second example of the way in which ultrasonic effects
can be used in the study of point defect motion is pﬁgvided
by the measurements of Thompson, Blewitt and Holmes,__/ahown
in Fig. 7. In this experiment the modulus (or frequency) of
a copper specimen was measured as a function of temperature
after a neutron bombardment. The modulus at first decreases
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with temperature in the normal way, but at about 40°K, this
process is interrupted. Interstitials are known to move at
this temperature, and presumably the normal decrease of
modulus is being compensated by dislocation pinning by inter-
stitials, After the pinning is complete, the modulus continues
to decrease in the normal fashion. When the specimen is
recooled, no anomalous effects occur, indicating that the dis-
locations are now fully pinned and no longer contribute to the
modulus. This measurement provides a good example of the
selectivity property of ultrasonic measurements. Only those
interstitials which migrate to dislocations are detected.
Blectrical resistance measurements show that annealing occurs
at temperatures below 40°K, but these defects do not travel

to dislocations.

D. Dislocation~dislocation interactions. It may be expected
that, with increasing deformation, dislocation-dislocation
interactions should become important. A maximum in the damping
as a function of deformation is often observed.2.23/ However,
for deformations of less than a few percent, the observed
results seem to be understandable on the basis of the vibrating
string model, neglecting dislocation interactions. Some
interesting results concerning the distribution of dislocations
on various slip systems h2§7 rece1tly been obtained by Hikata,
Chick, Elbaum and Truell. In these experiments, ultrasonic
attenuation and velocity as well as stress were measured
continuously as a function of strain. The aluminum specimen
was oriented for single slip, and ultrasonic waves of two
different orientations were used. The results are shown in
Figs. 8 and 9. In Fig, 8, results are given for the case

where the ultrasonic wave had no shear stress component in

the primary glide system. After an initial rise, the stress-
strain curve clearly indicates the existence of easy glide

for approximately 0.2 percent tensile strain. The correspond-
ing attenuation change is very similar to the stress-strain
curve, with little increase of attenuation during the easy
glide region even though the dislocation density is increasing
greatly as can be seen from the results of Fig. 9. The
behavior of longitudinal waves, which have shear stress com-
ponents in the primary glide system, is quite different. As
seen in Fig, 9, the attenuation increases quite rapidly with
increasing strain, from the beginning of the deformation, and
does not exhibit any special characteristics associated with
easy glide. These results show clearly the sensitivity of

the ultrasonic measurements to the distribution of dislocations.
With further development of the technique, we may look forward
to the possibility of having continuous plots of dislocation
density and loop lengths as a function of strain in various
slip systems.
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A second point of much interest in these measurements
concerns the interesting variations in the ultrasonic velocity.
This is of great usefulness in chsc ing certain fine details
in the predictions of the theory, but will not be discussed
here.

V. Conclusions.

It is clear that ultrasonic measurements provide us with
much useful information concerning defect interactions of
importance in understanding the mechanical behavior of crystals.
In this review we have discussed qualitative features of a few
selected results, but it should be emphasized that results
in quantitative form are obtained, Some of the conclusions
which have been noted are:

1. The physical cource or the sound damping is the dis-
location-phonon interaction., Relativistic dislocation vel-
ocities cannot be achieved in copper and LiF at room temperature
at the yield stress.

2. The vibrating string model is confirmed by the measure-
ments. This model appears to apply even for moderate (up to a
few percent) deformation.

3. The atomic configuration making up a pinning point has
been identified in NaCl.

4., Deformation in common alkeali halides is determined
by the motion of pinning points. The dislocation is free to
move between such points. Similar considerations seem to apply
for creep in aluminum,.

5. The migration activation energies of point defects in
small cc.ucentrations can be determined ultrasonically.

6. A detaiied description of dislocation densities and
loop lengths in various slip systems may be obtained ultra-
sonically,

Work currently in progress on the effect of thermal
fluctuations on dislocation unpinning promises to provide us
with usefu) “nfourmation concerning the temperature dependence
of the yield stress. There is a need for models suitable for
describing the internal friction of heavily deformed materials.
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Schematic dislocation displacement y(x) as a
function of coordinate x for a) low frequencies and
b) high frequencies. At low frequencies the displacement
is limited by tens. n forces. At high frequencies, the
displacement is limited by viscous forces.
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Pig. 4 Behavior of the modulus change of a deformed NaCl
crystal, AY, during successive x-irradiations and exposure
to visgible illumination. (After Bauer and Gordon.)
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STORED ENERGY AND SUBSTRUCTURE

Michael B, Bever
Department of Metallurgy
Massachusetts Institute of Technology

1., Int tiopn

1.1 Stored Energy and Substructure

The stored energy of cold work is the sum of the energy effects of the im-
perfections created by the deformation process and retained until the time of
measuring, In view of the difficulty of differentiating between the effects of
various structural elements, measurements of the stored energy may appear to hold
little promise of contributing to the knowledge of substructure, Yet the stored
energy of cold work not only has been interpreted in terms of variables of the
deformation process and the deformed metal, but is becoming increasingly well un-
derstood in relation to structural factors, This paper will be concerned with
the relation of the stored energy to the substructure on the basis of the perti-
nert literature,

1.2 Types of Substructure

In the broadest sense, the substructure comprises all imperfections present
within the grain boundaries (large-angle boundaries) of a polycrystalline metal
or present in a single crystal, This will be called here the "total substructure"
without further differentiation, The subboundaries (low-angle boundaries), con-
ventionally designated "substructure" are revealed at an intermediate level of
resolution. They will be called "intermediate substructure", At the ultimate
level, the substructure is composed of crystal imperfections such as dislocations,
point defects, stacking faults, and twinning faults, Imperfections may occur in-
dividually or they may interact with other members of their own class or with
members of one of the other classes, The imperfections will be classified here
as "ultimate substructure",

In solid-solution alloys deformation may in addition to structural effects
cause configurational effects, such as the destruction of short-range and long-
range order and changes in the interaction of imperfections with solute atoms,
These processes affect the stored energy, but the destruction of order is not
normally considered as a change in substructure,

Metals in the as-solidified or annealed state contain some elements of sub-
structure, A small part of this is an equilibrium feature, but most is due to
non-equilibrium causes, However, the substructure present in as-solidified or
annealed metals is of limited extent and its energy effects are so small that they
can usually be ignored, Pronounced substructures are generated by cold work, ir-
radiation, creep, cyclic loading, electrodeposition and thermal shock, This dis-
cussion will be limited to the substructure formed by cold work,
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1.3 Measurement of the Stored Enerqgy

The stored energy of cold work as a function of variables and its release
during annealing have been subjects of extensive investigation. The eiergy ex-
pended in the deformation process and the ratio of the stored to the erpended
energy have attracted interest since the eariiest investigations of the stored
energy. More recently efforts have been made to relate stored energy measure-
ments to changes during deformation and annealing in such properties, as hardness,
electrical conductivity and density, and structural changes have heen followad by
light microscopy, electron microscopy and X-ray diffraction,

The methods of measuring the stored energy of cold work are of two types,
Single-step methods determine the stored energy as the difference between the
expended work and the heat evolved during deformation, The work is determined
from stress-strain relations or by such means as a ballistic pendulum, The heat
is determined from the adiabatic temperature rise of the specimen or by deforma-
tion inside a calorimeter., The single-step methods are unique in that they can
supply information on the kinetics of heat evolution during and immediately
after the deformation process,

In the two-step methods, the specimen is deformed and the stored energy is
then measured calorimetrically, The calorimetric methods measure the heat effects
of bringing the cold worked and a standard snecimen to the same final state, such °
as the annealed state or solution i1n a solvent, Annealing methods also give in-
formation on the kinetics of energy release during theé annealing of cold worked
metals, Another two-step method involves metal solution calorimetry; for the re-
quired precision, special combinations of solutes and solvents have to be used,
such as gold-silver alloys and a tin solvent,

In most methods, the enthalpy rather than the internal energy of cold work
is measured. Their difference, however, is negligible,

2. The Total Stored Energy as a Function of Variables

The total sto.ed energy, representing the total substructure, is a function
of macroscopic variables which affect either the deformation process or the de-
formed metal, In the former category are the strain, the deformation temperature,
the strain rate and the type of deformation, In the latter category are the na~
ture and composition of the metal and its grain structure, The effects of these
variables will be summarized in this section, A detailed account may be found
in a review of the subject of the stored energy (Titchener and Bever, 1958)%,

2.1 Strain

The stored energy increases with strain at small and moderate strains, The
results of several imvestigations of copper are plotted in Fig. 1 (Clarebrough

® The references are listed alphabetically at the end of this paper,
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Hargreaves and West, 1955; Clarebrough, Hargreaves and Loretto, 1958; Gordon, 1955;
figure after Titchener, 1961). The decrease in the rate of energy absorption

with increasing straim should be noted, The energy stored by a gold-silver alloy
deformed at room temperature and 78°K is shown in Fig., 2 (Appleton and Bever, 1963;
Titchener and Bever, 1959), At room temperature, the energy stored by this alloy
approaches a saturation value both in torsion and wire drawing, No decrease in
the rate of emergy absorption was observed at 78K,

2,2 Temperature

As the temperature of deformation decreases, the stored energy increases,
This relation, which is shown in Fig, 2 and more explicitly in Fig., 3 (Appleton
and Bever, 1963) can be expressed by stating that the stored energy increases with
a decrease in the ratio of the temperature of deformation T to the melting point
T and the ratio of the temperature of deformation to the rgcrystallization tem-
pérature T!.

2.3 Strain Rate

The strain rate can have an effect on the amount of energy stored., While at
low amd intermediate rates the energy stored by a gold-silver alloy is in dependent
of strain rate, with further increases in strain rate it first increases and then
decreases (Titchener and Bever, 1959), A maximum in the stored emergy has been
found at 4°K (Appleton and Bever, 1963). The decrease in the energy probably can
be attributed to a rise in temperature of the specimens,

2.4 Deformation Process

Although the values for torsion and wire drawing in Fig, 2 are nearly equal,
different deformation processes, under otherwise identical conditions, can lead
to saturation values of the stored energy which differ appreciably (Titchener and
Bever, 1959). This difference is probably at least im part due to differences in
the temperature rise caused by the deformation process, but differences in micro-
plastic behavior may also play a role,

2.5 Nature of Metallic Element

Knowledge of the dependence of the stored emergy on the metal is limited,
Most measurements have been made on face centered cubic metals, Also, a comparison
of different metals is complicated by the effect of impurities on the stored emergy.
However, in general, the stored energy increases with the melting point and re-
crystallization temperature of a metal. This generalization is consistent with
the increase in the stored energy as the ratios of the temperature of deformation
to the melting temperatures (Tw/Tm) and to the recrystallization temperature
(T'/Tr) decrease,

2.6 Composition

The stored energy, in general, increases with impurity content, White and
Koyama, 1962, discussed their observations and observations by Clarebrough et al.,
1955, according to which impurities may either increase or decrease the amount of
energy stored,
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Larger corcentrations of solute tend to increase the stored energy; as shown
in Fig. 4 for the gold-silver system (Greenfield and Bever, 1957), At most, omnly
a fraction of this increase (a maximum of about 30 cal/g-atom at 50 at, pct) is
due to the destruction of short-range order, The increase of the stored energy is
related to the increase of the recrystallization temperature with increasing
solute concentration, '

2,7 Grain Structure

At low strains, fine-grained copper under otherwise identical conditions
stores a measurably larger amount of energy than coarse-grained copper, as shown
in Fig. 1 (Clarebrough et al,, 1958), This effect has also been observed by
Loretto and White, 1961; White, 1962; and Williams, 1962,

2,8 The Ratio of the Stored to the Expended Energy

The expended energy has a bearing on thé mechanisms of energy storage and
work hardening, Fig, 5 shows the ratio of the stored to the expended energy E /E'
as a function of strain at room temperature and 78°K for a gold-silver alloy
deformed in torsionm (Appleton and Bever, 1963),

3. The Re;eagg'of the Stored Energy

3.1 General

A cold worked metal is unstable and under favorable kinetic conditions re-
turns to the annealed state by recovery and recrystallization, The driving force
for these restoration processes is the free energy of cold work, In genmeral,
it is nearly equal to the internal energy, that is, to the stored energy bf cold
work usually measured,

The stored energy is released during the restoration processes and the ki-
netics of this release are indicative of the kinetics of these processes, The
release of stored energy often takes place in well defined temperature ranges or
time intervals; in some cases, it is possible to assign peaks in the release
curves to a specific mechanism, such as the annealing out of vacamcies or re-
crystallization, The energy released during prerecrystallization stages and the
energy released during recrystallization, expressed as fractions of the total
stored energy, EP/E3 and Er/Es' are significant in interpreting the substructure,

The energy release can be investigated by
(1) anisothermal annealing as a function of temperature during

continuous heating

(2) isothermal annealing as a function of time at comstant
temperature

(3) isochronal annealing as a function of amrealing for
fixed times at different temperatures
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A special mechanism of energy release involves mechanical deformatiom (work
softening).

The literature om the release of the stored emergy will be summarized
brjefly in this section, It has been reviewed extensively in several publica-
tions (Bever, 1957; Titchener and Bever, 1958; Clarebrough, Hargreaves and
Loretto, 19620,

3.2 Amisothermal Anmealing

Following earlier investigations of the stored energy by anisothermal an-
nealing, such as those of Sato, 1931, and Quinmey and Taylor, 1937, a series
of papers by Clarebrough, Hargreaves and their collaborators has made great
contributions to the knowledge of the release of stored emergy and the kinetics
of the restoraiion of cold worked metals, Typical examples of their results will
be presented,

The energy release by pure copper during continuous heating is shown in
Fig. 6 (Clarebrough, Hargreaves and West, 1955). The release is almost entirely
due to recrystallization which is represented by the peak in the curve, This is
preceded by a small recovery effect. The decreases in hardness and electrical
resistivity during recrystallization should be noted,

The energy release by copper containing 0,35% arsenic and 0,05% phosphorus
is shown in Fig. 7 (Clarebrough et al,., 1955). A plateau in the release curve
preceding the recrystallization peak indicates the occurrence of prerecrystalli-
zation phenomena, Similar prerecrystallization processes probably take place in
pure copper at or near room temperature, but impurities restrain these processes,
which then occur at higher temperatures where they can be observed during an-
nealing experiments,

The energy release by commercial nickel is shown in Fig, 8 (Clarebrough
et al,, 1955), The prerecrystallization phenomena include a small well developed
peak, which is attributed to the annealing out of vacancies, Clarebrough,
Hargreaves, Loretto and West, 1960, found such a peak also in nickel of higher
purity, but the plateau was absent, Part of the release curve for commercial
nickel has been explained by calculations of Nicholas, 1955, who assumed that
point defects anneal out at the boundaries of subgrains, The first decrease in
the resistivity curve shown in Fig, 8, which is not accompanied by a change in
hardness, also indicates the annealing out of vacancies,

Michell and coworkers have combined measurements by anisothermal calorimetry
of the energy stored in nickel with structural investigations by X-ray diffraction
(Michell and Haig, 1957; Michell and Lovegrove, 1960),

Anisothermal annealing can be adapted to operation below room temperature,
In an investigation of copper, deformed at 889K, Henderson and Koehler, 1956,
found several distinct annealing stages and substages, Van den Beukel, 1961, qual-
itatively confirmed these findings for copper and also reported results for gold,
silver, and nickel,
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3.3 Isothermal Annealing

Measurements of the release of stored energy by isothermal anneaiing are of
fundamental importance and have contributed much to the understanding of the
kinetics of energy release, Borelius, Berglund and Sjbberg, 1952, appliad iso-
thermal calorimetry to measuring the energy stored by aluminum, copper and zinc
and Gordon, 1955, using the same method, measurgd the ecnergy stored in copper,
Some of Gordon's results are shown in Fig, 9, Astr8m, 1955, annealed specimens
of aluminum isothermally at progressively higher temperatures and followed changes
in their substructure by metallography, Some of his results are shown in Fig, 10,
Bailey and Hirsch, 1960, combined isothermal calorimetry of the stored energy in
silver with electron transmission microscopy. The interpretation of their stored
energy measurements in terms of the substructure observed by them has attracted
particular attention,

3.4 Isochronal Annealing

The stored energy present in a gold-silver alloy after deformation at 78°K
or room temperature and holding for various times at different temperatures is
shown in Fig, 11 (Greenfield and Bever, 1956), After deformation at 789K, two
stages of release are indicated,

The curve in the lower part of Fig, 12 shows the energy release during iso-
chronal annealing of filings of a gold-silver alloy (Averbach, Bever, Comerford
and Leach, 1956). This curve is consistent with the corresponding curve in
Fig, 11, The upper part of Fig, 12 shows results of a correlated X-ray investi-
gation and hardness values, which will be discussed below.

3.5 Work Softening Effect

Observations of a work softening effect are shown in Fig, 13 (Titchener and
Bever, 1960), A specimen cold worked at 789K released energy when brought to
room temperature as the thermally unstable imperfections annealed out, Additional
deformation at room temperature caused a further decrease in the stored energy by
the removal of mechanically unstable imperfections, This second decrease in
stored energy was accompanied by a decrease in microhardness, which indicated that
dislocations played a part in the process,

An appreciable decrease in the stored energy occurs when specimens of a gold-
silver alloy deformed at 4°K are brought to 78°K (Appleton and Bever, 1963). No
work softening was found to result from secondary deformation at TB°K after pri-
mary deformation at 4°K, but the strain levels as well as the temperatures were
different from those of the earlier investigation.
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4.  Stored Enerqy and Total Sshstruciure

Simce the total storad emergy repregexts the total substructure, the effects
of variables on the storeu emergy are algo imdicative of their effects om the swb-
structure, The comclusions which cam be drawm on this basis will bs swmmarized,

4.1 Strain

The increase in stored emergy with increasing straim cam be attributed to am
increase in the number of imperfectioms and am imtemsification of their inter-
action as the deformation progresses, The increase in the energy also raises the
question as to whether mew types of imperfections are generated at higher strains,
Under conditions where the stored enmergy attains saturation, the substructure
reaches a2 steady state in the sense that as many imperfections are formed as are
released by a work softeming mechanism, In this comnection, it is significant
that measurements of the stored emergy can be made after deformation to moderate
and large strains at which .he substructure is so highly developed and so complex
that it cannot be observed directly in detail, Stored emergy measurements because
of their statistical or integrating nature, therefore, assume a particular use-
fulmess at higher strains,

4.2 Temperature

The increase in.stored energy with decreasing temperature suggests that the
nmmber of imperfections increases and that they may interact with each other more
intemsively, It is also known from other evidence that at low temperatures, addi-
tional types of imperfections are generated, The extent to which the increase in
the energy is due to the suppression of thermally activated processes of energy
release is not well known, The ratio of the stored to the expended energy may
give some semi-quantitative information on this problem and some light may be shed
on it by a suitable application of a single-step method of stored energy measure-
ment,

4.3 Composition

The. tendency of impurities and solute additions to increase the stored energy
is connected with their tendency to cause the retention of imperfections,

4.4 Grain Structure

The increase in stored energy with decreasing grain size at small strains
suggests that substructure forms more readily or is retained more completely in
fine-grained metals, The elimination of this difference with increasing strain
can be explained by the progressive accumulation of imperfections in the in-
teriors of the grains regardless of their size,

Conrad and Christ, 1962, related the dependence of stored energy on grain
size to the variation in dislocation density with the grain size of the deformed
metal, They based their argument on the decrease in the average distance moved
by a dislocation owing to the increase in the number of dislocation sources with
increasing grain boundary area.
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4.5 General

It has been shown in this section that fuur of the seven variables affecting
the stored energy mentioned in Section 2 permit some conclusions to be reached
concerning the substructure, Corresponding conclusions are also possible for the
other variables, Further insight into the effects of variables can be gained from
investigations of the stored energy in which simultaneous changes of other proper-
ties are investigated,

5., Stored Energy and Intermediate Substructure

The intermediate substructure, as defined in this paper, consists of the sub-
boundaries, A correlation between the intermediate substructure and the stored
energy, therefore, requires some coordinated kmowledge of the subjoundaries. Work
involving both stored energy and substructure was carried out by Astrdm, 1955,
who used light microscopy, and by Averbach et al,, 1956, and Michell and co-
workers, 1957 and 1960, who used X-ray diffraction methods,

Kstrdm's values of the stored energy and hardness are shown in Fig. 10, He
deduced from these data and his metallographic observations that (1) = recovery
process (not involving detectable structural changes) occurred at about 80°C,

(2) the substructure underwent a change between 180 and 250°C and (3) the metal
recrystallized at 350°C, He did not definitely identify the process involvimg
the substructure, but suggested that it was either subgraim growth or polygomiza-
tion, or both,

Averbach et al., 1956, measured by calorimetry the enmergy stored in filimgs
of a gold-silver alloy in the deformed state and after annealing at differemt tem-
peratures between room temperature and 500°C (Fig. 12). They measured the elas-
tic strain energy and the short-range order parameter, From the latter, they
calculated by the quasi-chemical theory energy values after different annealing
treatments., No stacking faults or twin faults were observed, Averbach et al,
subtracted the energy effects due to strain and changex in short-range order from
the stored cnergy measured calorimetrically and considered the remairnder to be
interfacial energy. They estimated the total interfacial area from the particle
size measured by X-ray diffraction and from this derived a specific interfacial
energy. The results, recalculated after some corrections, arising from a dis-
cussion by Michell, 1958, appear to be reasonable; im particular, they show am
upwagd trend after annealing above 250°C (Averbach, Bever, Comerford and Leach,
1958),

In the cold worked specimens approximately two-~thirds of the stored emergy
was accounted for by interfacial emergy, only 5% by elastic strain and the balamce
by the destruction of short-range order. Durimg recovery, the subgraim size im-
creased slightly, a small amount of stored emergy was released, presumably dme
to this subgrain growth, but the specific interfacial emergy chamged little,

A partial relief of local strains occurred., During recrystallizatiom, the smb-
grain size increased rapidly, the specific interfacial emergy imcreased, pre~
sumably to a value of the random grain boundary emergy, and the remainimg local
straing disappeared,
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Michell amd Haig, 1957, combined a structural imvestigation by X-ray dif-
fraction of mickel grindimgs before and after ammealing with measurements of the
stored emergy. The apparemt particle sizes of the deformed powder extemded over
an appreciable range depending on the manmer of analysis and the energies calcu-
lated from them showed a correspoading ramge. Also. the calculated values of the
snergy were lower than the measured value, The authors discussed this discrepancy
in terms of the assumed distributiom of straims, Two stages im the relief of strainm
were observed, The first, which did mot inmvolve a chamge in particle size, was
attributed to recovery and the second occurred during recrystallization with am
attendant increase in apparent particle size,

Michell and Lovegrove, I960, reported a similar investigationm of the amneal-
ing of bulk specimens of nickel, The stored emergies derived from various methods
of analysis of particle size were spread over a large range, Best agreement with
the measured energy values was obtaimed by assuming a Gaussian distribution of the
strain,

The importance of the interfacial emergy of subparticles, which is brought
out by the X-ray diffraction investigations, raises the question as to how chamges
in the stored energy resulting from changes in variables are related to the inter-
facial energy. As an example of this problem, it may be considered whether the
change in the stored energy with composition is associated with a change in the
interfacial emergy and if so, whether this is due to a change in the total inter-
facial area or in the specific interfacial energy.

In concluding this section, a consequence of the method of finding interfacial
energy of subboundaries by subtracting the energies of all other mechanisms from
the total measured energy should be emphasized, This method tends to overstate
the interfacial emergy, which will be reduced as energies attributable to other
mechanisms are considered, In general, however, these energies are likely to be
small,

6, Stored Energy and Ultimate SquE;ucture

6.1 Dislocations

Dislocations, in addition to making up the subboundaries, constitute other
elements of substructure, They may occur in random arrangements or in regular net-
works and groups such as pile-ups, in which they interact with each other,

The simplest analysis of the stored energy in terms of dislocations assumes
individual non~interacting dislocations, The measured stored =nergy, or that part
of it which can be attributed to dislocations, is divided by the estimated value
of the specific energy of a dislocation in order to find the dislocation density.
Alternatively, if the dislocation density is known or can be estimated, the spe-
cific energy of a dislocation can be found,

Seitz and Read, 1941, Koehler, 1941, 1942, and Bragg, 1945, calculated a dis-
location density of 10?2 per cm® after cold work from values of the stored energy
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reported by Taylor and Quinney, 1934, 1937, This high value of the density can
be explained by the low specific energy values assumed by these authors,

In more recent investigations, dislocation densities derived from stored
energy values have been compared with densities derived from changes in other
properties measured on identical samples., Table 1 reports the results for copper
of Clarebrough, Hargreaves and-West, 1957. The dislocation densities obtained by
them from changes in the hydrostatic density, AD/D, are larger than those obtained
from the stored energy, E_; the incremental resistivity, Ap, gave even larger
values, Clarebrough et al. discussed this discrepancy and Boas, 1957, commented
on a similar discrepancy in nickel, Seeger, 1957, pointed out that the disloca-
tion density based on hydrostatic density changes, recalculated on a different
basis, agreed satisfactorily with the value derived from the stored energy. He
also suggested that the dislocation density derived from the resistivity change
might be reduced if stacking faults contributed to the resistivity change,

Clarebrough et al,, 1962b, reported dislocation densities derived from stored
energy and hydrostatic density changes for silver and gold, together with the
values for copper based on the investigation by Clarebrough, Hargreaves and West,
1957 (see Table 2)., The discrepancy had been reduced substantially by the use of
a new figure for the effect of a dislocation on the density (Stehle and Seeger,
1956). Since the effects of dislocations on the resistivity of copper, silver
and gold were almost identical, in spite of the difference in the stacking fault
energies of these metals, the possibility that stacking faults make significant
contributions to the resistivity of a dislocation seemed to be ruled out,

Bailey and Hirsch, 1960, from dislocation densities measured by electron
microscopy and calorimetric values of the stored energy, obtained a specific
energy of a dislocation of approximately 8 ev/atom plane in polycrystalline silver
deformed in tension, Electron microscope observations showed a cellular structure,
No change was observed in dislocation densities or distribution during recovery,
but the energy remaining after recovery, E_(released during subsequent recrystal-
lization), was only about half the total stored energy, E_, except at high strains.,
Pertinent data are given in Table 3, s

Bailey and Hirsch calculated stored energies of dislocations occurring singly
(Ey) and in groups of two, three, and four dislocations (E,, E;, and E,), Table 4
lists these energies for different values of the radius, R, of the stress field.
The agreement of the calculated values with the measured value is satisfactory,
especially for the largest value of R and groups of three or four dislocations.
The authors concluded that the interaction energy can be accounted for by groups
of this size, the long range stresses of which do not cancel, They explained the
decrease in stored energy during recovery by a small rearrangement of dislocations
in the cell boundaries, They concluded that the stored energy values were com-
patible with the observed dislocation distribution and that the long-range
stresses weee at most accounted for by groups of three or four dislocations in
the cell boundaries; also, after recovery, the dislocatioi energies were within
a factor of 2 of the theoretical value of the self-energy. In particular, they

believed that no pile-ups needed to be postulated and they also did not observe
them by electron microscopy,
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Bailey and Hirsch also calculated the stored energy from the flow stress
assuming a pile-up model., The values are shown in Table 5, Since they were an
order of magnitude larger tham the experimental values, the authors comcluded
thet the pile-up model did not account satisfactorily for the flow stress amd
stored energy. They found fairly close agreement between the experimeantal values
and values calculated by the forest theory, They attributed the remaining dis-
crepancy to some long-range stresses or a coniribution of poimt defects to the
stored emergy, Since the dislocation arrangements observed in mickel, copper,
gold, and aluminum were similar to those in silver, Bailey and Hirsch concluded
that the same work hardening mechanism operated in these metals, However, simce
pile-ups had been observed in stainless steel and alpha brass, they admitted the
possibility that long-range stresses might be important in them,

Clarebrough, Hargreaves, Head and Loretto, 1961, criticized the equatiom used
by Bailey and Hirsch for the calculation of the emergy from the flow stress. In
particular, they stated that the outer cut-off radius should mot appear in it,
They derived an equation for the stored energy from an analysis due to Stroh, 1953,
They calculated values for several metals; that for silver is included in Table 5.
Clarebrough et al. concluded that the pile-up theories could not be dismissed on
the basis of the measurements of the flow stress and the stored emergy alome, but
also emphasized that the agreement should not be taken as proof of their
correctness,

Clarebrough et al, pointed out that earlier results for mickel (Clarebrough
et al., 1955) which showed a large energy evolution during recovery (E /E_= 0,70)
was similar to the observations for silver Ly Bailey and Hirsch, Theypag?eed in
attributing a large part of this release to a rearrangement in the cell boundaries
during xecovery, They also mentioned the possibility of loss of dislocations
during thinning in the preparation of electron microscope specimens,

Seeger and Kronmilller, 1962, stated that the equation used by Bailey and
Hirsch for connecting the flow stress and the energy incorrectly assumed that a
group of n dislocations can be treated as a superdislocation of dislocation
strength (nb) and that this overestimates the energy stored in the stress fields
between the dislocations. The stored energy connected with the overlap of the
stress fields is only slightly larger than the stored emergy due to stress fields
of individual dislocations, They used a dislocation model developed for stage II
of the stress-strain curve of face-centered metals and calculated the emergy of
pile-ups and the work expended in the deformation of a single crystal, From this
they calculated a value of the ratio of the stored to the expended energy, E /E ,
They considered the agreement of the experimental values for copper, gold, afid w
nickel with the calculated ratio as satisfactory, They also calculated stored
energies for the specimens of silver deformed by Bailey and Hirsch, which are
included in Table S, Seeger and Kronmilller concluded that their theory accounted
reasonably well for the experimental results, except at the highest strains, where
work softening effects could be expected,

Faulkner and Ham, 1962, reported data for aluminum in' which the dislocation
density was determined by electron microscopy, The specific energies derived
from the stored energy were surprisingly large. They concluded that the density
of dislocations in thin films of aluminum differs systematically from the bulk
values, probably owing to losses during thinning,
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Li, 1960, analyzed the elastic properties of a dislocation wall and concluded
that its strain energy is smaller than that of a set of dislocations of the same
sign distributed within a circle, the diameter of which is approximately equal to
the height of the wall. He called attention to the fact that local groupings of
dislocations of the same sign generated by a deformation process such as bending
interfere with the method of measuring the dislocation density by the amount of
stored energy.

Li, 1961, showed that a release of an appreciable amount of eaergy may occur,
as observed by Bailey and Hirsch during the recovery of polycrystalline silver,
without an_observable change in the dislocation distribution if low-angle twist
boundariesare formed by a crossed grid of screw dislocations, This would cause a
large energy difference with only a slight rearrangement of dislocations., Li sug-
gested that the kinetics of this rearrangement probably require some thermal ac-
tivation and that it, therefore, takes place during recovery, The large energy
change with only minor visible rearrangement according to Li places the method of
determining dislocation densities from stored energy in jeopardy., It should be
recognized, however, that the occurrence of the grids has not been demonstrated.
Also, the difficulties of evaluation would arise from difficulties of measuring
the dislocation density rather than of the eneryy.,

6.2 Point Defects

The estimated values of the energy of point defects and aggregates of poinmt
defects in face-centered cubic metals published in the literature appear to be
satisfactory. It is, therefore, possible to arrive at estimates of the concemtra-
tion of these defects, if the energies attributable to them are known from
measured values of the stored energy, However, it is often difficult to separate
the effects of point defects from those of other imperfections and to diiferemti-
ate between the effects of different aggregates of point defects,

Point defects are particularly important at low temperatures, This lends
interest to the work of Henderson and Koehler, 1956, van den Beukel, 1961, and
Greenfield and Bever, 1956, In particular, Henderson and Koehler estimated a
vacancy concentration of 1,6 x 10™* from the stored energy release by a specimen
compressed 65X,

The temperature range for the annealing out of point defects in nickel is
higher than in the other face-centered cubic metals investigated to date, This
permits the energy effect of point defects in cold worked nickel to be measured
above room temperature., The results of an investigation by Clarebrough et al.,
1960, summarized in Table 6, include concentrations of interstitials and vacaneies,
as well as the concentration of dislocations, which is derived from re-
crystallization,

A recent finding by Appleton and Bever, 1963, suggests that, at least in
gold-silver alloys, point defects play less of a role at 78°K than has been as-
sumed, They found that between room temperature and 78°K, the stored enmergy, E',
increased, but the ratio E’/E increased little more than the stored energy, E_.
This indicates that the expenﬂed energy also increased, which is in accord wi
the measured stress-strain curves at room temperature and 7T8°K, These observa-
tions cam be explained by an increase in the density of dislocations and anm
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intensification of their interaction, Between 78° and 4°K, however, the stored
energy and the ratio E_/E increased appreciably, while the stress-strain curve
changed much less. This uggested strongly an increase in the concentration of
point defects generated during deformation at 4°K over that generated at TB°K,

6.3 Other Imperfections

The relation of other imperfections, such as stacking faults or twimning
faults, to the stored enerjyy seems to have received little consideration in the
literature, However, data on their concentrations and specific energy are be-
coming available and this will make it possible to include them in the evaluation
of stored emergy measurements,

7. Conclusion

It has been shown that the stored energy of cold work can be related to the
total substructure, the intermediate substructure and the ultimate substructure,
The detailed interpretations possible for the various investigations differ con-
siderably, The statistical nature of the stored energy has been shown to be
advantageous in revealing certain features of the total substructure. On the
other hand, under favorable conditions, it has been possible to differentiate
between elements of substructure on the basis of stored energy values,

Additional investigations of the stored energy are needed, In particular,
further investigations combining stored energy measurements with the measurement
of changes in other properties should be made. Also, research should be extended
to body-centered cubic and hexagonal close-packed metals, In this way, it will
become possible to partition the stored energy, even in complex cases, by al-
locating specific energies to all operative mechanisms,
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Table 1

Density of Dislocations im Copper,

N lines/cm?
Deformation,
From E_ From AD/D  From fp
X Compression
30 8.5 x 101 4 x10! 5 x10'?
55 1.1 x 10l 6 x10t! 7 x10t2
70 1.3x10t!  ex10! 9 x10!?
Clarebrough, Hargreaves and West, 1957
Table 2
Dengity of Dislocations,
Deforma- N lines/cm? be /N,
tion 3 2
% Comp;es- From E_ From AD/D pllon/d.1ine/cu
Metal sion
Cu 70% 1.33 x 101 2.8 x 10!} 28 x 10714
Ag 75% 1.50 x 10!1 2.8 x 10'! 34 x 10714
Au 75% 0,74 x 108 1,4 x 10! 35 x 10714
Ni 0% 1.06 x 10} - 94 x 10714
Al 5% 0.40 x 10! — 33 x 10714
Clarebrough, Hargreaves and Loretto, 1961 and 1962b
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Table 3

Measured
Deforma- Dislocation
tion Density Es' Er‘ Es/N'
% N lines/cm®* cal/g-a cal/g-a eV/at,pl,
10
11 2.2 x 10 2.70 1.25 9.1
21 5.2 x 10%0 5.10 2,83 7.3
32 6.8 x 1010 7.75 4.9 8.4
43 — 7.27 6.03 —
Avge. 8,3

Polycrystalline silver, deformed in tension
Bailey and Hirsch, 1960

Table 4

Calculated Stored Energy (eV/at, plane)

Stress

Field R, O Eq Ez Es Es
AU, §9) (2) (1) (1) (1)
200 2,66 1.90 —_ — —_
1,000 3.38  2.61 4,1 4,62 5,16
10, 000 4.4 3.63 6.16 7.7 9.3

(1) Bailey and Hirsch, 1960
(2) According to Schoeck and Seeger, 1953
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Table §

Stored Emergy, cal/g-a

Calenlated from Flow

. Exptl. Stress
Deformation,
x (1) ) (3)
11 2.7 21,2 _— 3.0
21 5.1 37.0 i 3.6
32 7.8 54.0 -— 8.2
43 7.3 64.0 9.6 9.71

Polycrystalline silver, deformed in tension
(1) Bailey and Hirsch, 1960
(2) Clarebrough et al., 1961
(3) Seeger and Kronmfiller, 1962

Table 6
Energy Concen-
Evolved tration
Assumed
Annealing Es' Defect frgn Specific
Stage cal/g-a Assumed 3 Energy
—3% 200°C 2,58 Interstitials 2,2 x 10-'at.% 5 eV
-3
200-350°C 3.28 Vacancies 9.5 x 10 at, X 1.5 eV
Recrystal- 11,78 Dislocations 1.06 x 1011 4.4 x 108
lization cm/cm? eV/cm

Nickel (99.85X) compressed 70X and amnealed

Clarebrough et al,, 1960
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The Observation of Substructures in Crystals with the Electron Microscope
H. G. F. Wilsdorf

The Franklin Institute Laboratories
Philadelphia, Pennsylvania

The term "substructure" encompasses a varisty of dislocation arrange-
ments including the well defined sub-boundaries. Detailed aspects of substructures
were covered in review articles by Hirsch (1), and Amelinckx and Dekeyser (2). As
early as 195k, the electron microscope had been used for the study of dislocation
boundaries by means of the replica technique (3) which will be outlined in this
article. Later, this method was also applied to investigations of slip bands,
pile-ups and interactions of glide dislocations with sub-bourdaries (L-6). Since
1956, dislocations (7) and stacking faults (8) have been studied even more directly
by a new technique called diffraction electron microscopy. Immediately after its
discovery, this technique provided experimental proof for the many concepts of
dislocation theory and later on was instrumental in providing new information on
dislocation substructures. The two techniques will be discussed, and their appli-
cability to the study of substructures will be critically reviewed.

Replica Technique

The use of the standard type electron microscope became of interest to
metallurgists with the development of replica techniques in 1910 (9). Since that
time numerous variations of this technique have been devised which have been
reviewed in considersble detail in the literature (10).

The principle of the replica technique is to cover the metal surface
which is to be investigated, with a film not thicker than, say, 500 A, whereby the
thickness of the film with respect to the normal of the surface has to be controlled.
Fig. la indicates the production of a 5i0 replica (11) by vacuum evaporation.
Subsequently, the film has to be separated by chemical means from the metal and
then is "shadow-cast" (Fig. 1b). Since the contrast in electron images is usually
due to an electron scattering mechanism depending on the thickness and mass of the
specimen, the shadow-cast substance to be evaporated under an angle of, say, 30°
onto the specimen ought to have a high atomic number. Now, the specimen is ready
for examination in the electron microscope at magnifications from 2,000X to 60,000X.
The surface area that can be screened at a time is 1 mm x O.1 mm or zbout 2 mm in
diameter, depending on the roughness of the surface, the microscope used, and other
conditions.

Because of the inherent high resolving power of first class electron
microscopes, details in the order of 25 §écan be detected. Obviously, this
requires the careful preparation of metal surfaces, which, however, can be done
with relative ease by applying suitable electropolishing procedures (12).

Turning to the subject matter of detecting sub-boundaries, it becomes

clear that this technique permits their study at the line of intersection with the
surface. For a tilt boundary with a & = 5', the dislocations are separated by a
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distance of about 2000 i, which puts a rather stringent requirement on techniques
that are used to mark the intercept of dislocations with the surface. Reference is
made to the precipitation method and the etch pit technique. The former method was
actually used to provide the first visible evidence of dislocatlons in a metal (3)
and is based cn the preferential nucleation of a precipitate at a dislocation site.
Figs. 2a and b give examples of sub-boundaries which were found in the as-grown
crystals of an Al-L4¥ Cu alloy. Assuming that each precipitate marks the point of
emergence of an edge dislocation, the misorientation between the two sub-grains can
be calculated as 6 = b/h, where b is the Burgers vector and h the distance between
the precipitates. The good agreement between measurements with the electron
microscope and x-ray data (13) justifies the assumption that each dislocation gives
rise to one precipitate.

Etch pit techniques have been successfully used to indicate the position
of dislocations at surfaces, and many crystals have been thoroughly studied with
this method using the light microscope (1L). The limited resolving pcwer of the
light microscope led to the application of replica techniques and observations with
the electron microscope. In particular, a-brass crystals have been studied exten-
sively, and Figs. 3a and b demonstrate the ability of the technique (15-18). The
points of emergence of dislocations are indicated by well defined etch pits which
are small enough as to give a clear indication of the dislocations' arrangement.
Fig. 3a shows a grown-in sub-boundary, and in Fig. 3b the interaction of glide
dislocations with a sub-boundary can be seen.

The spatial distribution of sub-boundaries can be determined to some
extent by repeatedly removing thin surface layers and replicating the same area
with a suitable technique (19). It can be concluded that the replica method, in
conjunction with precipitation and etch pit techniques, is capable of detecting
the dislocation arrangements in sub-boundaries at their intersections with surfaces.
Recent investigations by Young (20) and Levinstein and Robinson (21) with the
light microscope indicate the possibility of applying the replica technique to etch
pit studies in deformed pure f.c.c. metals which contain dislocation tangles.

Diffraction Contrast

The detection of lattice defects with the electron microscope is based
on the diffraction of electrons by crystal lattices. The diffraction conditions
have been given by von Laue in the fundamental equation

k-ko =g - 2 (1)

where k, and k are the wave vectors of the incident and diffracted beam, A the
wavelength and g a lattice vector in the reciprocal 1attlge which is equal to
g & aX + g b b* + g3 *, g1 85 g3 being integers and a s c® unit vectors in the

reciprocal lattice. Fig. L represents the above relatlon in two dimensions in
graphical form, and also shows the direction of the diffracted beam. According
to Ewald's construction, diffraction occurs when a sphere with radius 1/A and O as
its center cuts through the intensity distribution of a reciprocal lattice point.
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The amplitude of the diffracted wave can be written with the help of the
structure factor F

A= |F|=2_f_ exp [2ni (k-ko) - 7] (2)
n —

where fn is the scattering factor for electrons and the vector T marks the position

of the scattering atom in a column of unit cell dimensions as measured from the
origin of the lattice. However, if the Ewald sphere does not exactly pass through
a reciprocal lattice point G but lies at a small distance from a given G as
measured by the vector s, then we have to replace k-kobyg+s. Since g - r

is an integer, equation (2) becomes —_
A=fnZexp (2ni§-i). (3)
n

f has been taken out of the sum, which is permissible under the reasonable
assumption that all the unit cells in the column are similar. So far, the case of
a perfect crystal has been considered. Our main concern, however, is to show the
formation of images of lattice defects. Following the calculatlons by Hirsch,
Howie and Whelan (22) and in accordance with the nomenclature introduced by them
a deviation of the scattering atom from its ideal position will be defined by the
vector R. Now, the amplitude of the diffracted wave is obtained by adding a phase
factor @ = 2m g - R to equation (3), and a being a function of z (see Fig. 5) we
can write

A= / exp (2ri g +R) -exp (2Qris z) dz (W)

colum

s is now the distance between the Ewald sphere and G, taken in the direction of
the column.

Equation (L) provides the foundation for discussing the formation of
dislocation 1images in the electron microscope. First, we will consider the path
of electron beams in the microscope. It follows from the principle of diffraction
contrast that the diffracted beam (or beams) have to be prevented from contributing
to the electron image. This is effected by an objective aperture which is in the
order of 1073 rad.; Fig. 6 shows the path of rays for the formation of the first
electron image. The distorted lattice around a dislocation is indicated by a line
in the specimen, while the missing electrons in the image can be seen as the
"white" line in the figure.

Next, we have to determine the displacement vector R in equation (L).
Choosing a 31mple case, R will be given for a screw dislocation lying parsllel to

the z-axis of an orthogonal coordinate system and parallel to the surface of the
foil. One finds that Ry and By are zero and that

_z=2%9=§b;-arc tan }Xc’ (5)

with b the Burgers vector of the dislocation. Inserting (5) into equation (W,
a decision concerning the choice of a diffracting beam for producing an image of
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the dislocation can be made immediately. The phase factor a contains a product of
the reciprocal lattice vector g and ihe Burgers vector b, which becomes zero if the
family of diffracting lattice planes and b are parallel. It can, therefore, be
concluded that the highest contrast may be expected when the diffracting lattice
planes are perpendicular to the Burgers vector, and it would be most desirable to
select a diffraction spectrum in accordance with this consideration.

From equation (l4) the intensity profile of a dislocation can be obtained.
Hirsch, Howie and Whelan have ceclculated the line width with the help of amplitude-
phase diagrams (22). Recently, the values of the integral (L) have been calculated
by Gevers for g + b =n=1, 2, 3 and L (23), and his main results for n = 1 and
n = 2 are given in Fig. 7. Three features are in evidence: (i) The image of a
dislocation is shifted from its true position by a distance approximately equal to
its width; (ii) The width of an edge dislocation is twice that of a screw disloca-
tion; (iii) The intensity profile of dislocations is steeper on that side which
faces the center position of the dislocation.

The true position of a dislocation can be determined by changing g, i.e.,
by choosing a different diffraction plane, or by reversing the sign of s, which can
be achieved by tilting the specimen around a suitable crystallographic direction @L).
Fig. 8 demonstrates the shift of the dislocation image in the vicinity of an ex-
tinction contoury i.e., due to a change of sign of s.

As has been already mentioned above, the displacement vector has to have
a perpendicular component with respect to the diffracting lattice planes if a
dislocation image is to be obtained. On the other hand, the disappearance of the
image when g - 1_>‘= O can be used to confirm the Burgers vector, which in many
investigations can be presumed from experimental conditions. It is a requisite for
a Burgers vector :determination to have a goniometer stage for positioning of the
crystal in the microscope. For a meaningful determination of the Burgers vector,
one desires to have other dislocations in the specimen which have a Burgers vectar
different from the first set in order to ascertain that the critical diffraction
condition is satisfied. A further check can be provided by employing the dark
field technique. Here, the objective aperture in the back focal plane is adjusted
so as to permit only the diffracted beam chosen above to form the dark field image,
and, of course, those dislocations for which g - b = 0 should not be seen.

The determination of the sign of s is necessary if one wishes to know
the sense of the Burgers vector, since the above techniques yield only its
direction. Crystals for these investigations have a thickness of more than 1000 R
and usually also show Kikuchi lines, which consist for each spectrum of a dark and
a light line, parallel to each other, against the background of inelastically
scattered electrons. For s = O the Kikuchi lines go through the center of the
reciprocal lattice point, but for a positive or negative s (see Fig. L) the
Kikuchi lines are displaced to the right or to the left of the reciprocal lattice
point, respectively, The location of the dislocation's image for s given lattice
position with respect to the incident beam is given in Fig. 9 for a dislocation
loop. Slight rotations of the specimen and the additional observation of the
actual diffraction pattern together with the electron micrograph enable the un-
ambiguous determination of the direction and the sense of the Burgers wvector,

Any discussion concerning diffraction contrast in electron micrographs
must include the formation of fringes. Integration of equation (3) yields far
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a thin crystal

A~ SiDTts (6)
s

which shows immediately that the intensity of a diffracted beam depends on both
the thickness t as well as on s. The first case is realized in crystals with
varying thickness, and in particular, in wedge-shaped specimens (Fig. 10a); the
second occurs when a thin film is bent and the Ewald sphere cuts the reciprocal
lattice point at different distances. The resultant contrast pattern is called
an "extinction contour", and an example of it is shown in Fig. 10b.

A two-dimensional lattice defect resulting from a "mistake" in the
stacking of closest-packed planes in a crystal lattice is of considerable importance
and can easily be detected with this technique. In the f.c.c. lattice, a mistake
in the stacking of octahedral planes, for example ABCAB/ABC..., can be described
as a displacement of the two parts of the crystal by a vector R = a/6 {112}, a
being a lattice translation. Fig. 1la shows the two parts of the crystal divided
by the stacking fault AB. The amplitude of the diffracted wave is calculated by
means of equation (L), adding to the term for the perfect crystal (above the line
AB) a term that contains the displacement a/6 { 112 ) . The recultant phase angle s
a, equals 0° or % 120°, which leads to a set of light-dark fringes from A' to B
with a spacing

D = t_ cotan ¢ (1)

where to is the so-called extinction distance. t_, is related to the electrons'
wavelength %, the accelerating voltage U and the iattice potential Vg'

Similar fringes may be observed when twin and grain boundaries lie under
an oblique angle in the specimen (Fig. 12).

The above discussion of the diffraction contrast was based on the
kinematical theory of electron diffraction. The validity of this theory breaks
down for s approaching zero, i.e., when the Lame conditions are fulfilled exactly.
Then use must be made of the dynamical theory of electron diffraction which takes
into account the interaction of electron waves with the wave field inside the
crystal. The latter treatment provides quantitative results for many of the
problems discussed above. According to the dynamical theory (25), the fringe
distance for stacking faults is half of that obtained for s » O (see Fig. 11b),
which is an important result concerning the possibility of distinguishing between
stacking faults and grain boundaries and other diffraction fringes. So far only
dislocations lying parallel to the plane of the foils have been considered. While
their image showed uniform contrast, dislocations inclined against the surface of
the foil have a dotted appearance (Fig. 12) which has been explained by the
dynamical theory as intensity oscillations.

Reliubility of Results Obtained by Diffraction Electron Microscopy

The high scattering power of matter for electrons demands the preparation
of specimens for diffraction electron microscopy in the thickness range of a few
thousand Angstroms. Usually this is done by electropolishing (12), and techniques
for electromachining electron transparent crystal wafers from bulk specimens have
been described in the literature (26).

59



Becuse of the reduciion of thick met-l crysiuls to wry thin folls, one
immediately, raises ‘he question of how representative the observed dislocation
patterns reallv sre. In a rfecenl paper Ham claims thut 6055 of the dislocations
in a rolled aluminum-silver alloy are loust 'n the preparation of the tuin speci-
mens (27). This conclusion is based on comparisons between dislocation densities
of unaged and :ged AL-0.5% Ag alloys which had been deformed by rolling 18% or L5Z.
Because of the formation of small silver aggregates in the aged alloy, it can be
assumed that the free motion of dislocations is reduced. Since the aged specimens
contained more than 2 times as many dislocations than the unaged specimens, Ham
argues that at least 603 of dislocations in A1-0.5% Ag and, by inference in Al, are
lost during the preparation cf the thin specimen. If' this re.ult Le correco, one
would have to conclude that dislocation rearrangements during electropolishing
would take place to an extent that the patterns observed in the microscope would
not bear rmuch resemblance to the dislocation arrangement in the bulk specimen.

The change of dislocation patterns in deformed aluminum single crystals
has been investigated with the diffraction electron microscopy method, selecting
specimen thickness as the variable (28). Indeed, a considerable loss of disloca-
tions and their rearrangement was clearly measurable below a thickness of 1500 A.
However, it was found "T1at the dislocation patterns did not change noticeably in
foils from 2000 X up to 8000 R, the latter specimen thickness being the largest
which permitted discernible dislocation contrast to be obtained at an acceleration
voltage of 100 KV. It has been pointed out (28) that "image forces" will tend to
pull dislocations out of the specimen, if they are parallel or almost parallel to
the surface, and provided that the slip plane is sufficiently inclined against the
foil's surface, which should not be covered with an elastically harder layer. The
other major influence on dislocations is due to their tendency to reduce their line
energy. This can be achleved by dislocations moving perpendicular to the surface
while remaining in their slip planes. Clearly, the above considerations will be
influenced by the frictional forces the dislocations have to overcome, which will
vary greatly from metal to metal.

Before we return to the problem of measuring dislocation densities by
the thin film technique, some experimental findings will be discussed which are
related to the mobility of dislocations near the surface of a thin foil. Under
certain experimental conditions, dislocations form patterns that are repeated
throughout the specimen. As a first example, I am referring to square-shaped loops
in A1-0.5% Mg which are obtained after annealing quenched specimens. In Fig. 13 a
number of these loops are shown. The plane of the loops is only slightly inclined
to the surface, which in one instance cuts through the loop (see arrow in Fig. 13).
Although the shape of the loop has not been changed markedly, a short dislocation
is seen to cunnect one end of the cut-off loop with the surface. Undoubtedly,
this part of the dislocation has been moved out of the original plane of the loop
by the driving forces discussed in the previous paragraph. However, no further
changes seem to have taken place. A second example can be provided with the help
of Fig. 1k which shows dislocation loops in a deformed molybdenum single crystal.
Loops of this type are prismatic and apparently have been 'punched out" by stress
concentrations due to precipitates in the matrix. They number from five to
approximately twenty and are mostly of similar diameter, which decreases somewhat
with increasing distance from its origin. Again, the surface has cut through most
of the loops without affecting their shape to a major degree.
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One might also refer at this point to the numerous investigations
carried out on many pure metals and alloys which have yielded much information as
to the different dislocation behavior in these materials. From the above dis-
cussion it is concluded that, provided certain precautions are observed, the
technique provides reliable information on dislocation arrangements in crystals.

Since the knowledge of dislocation densities in deformed crystals is
of utmost importance to the understanding of the flow characteristics, the measure-
ment of this quantity deserves to be given special attention. Most specimens for
diffraction electron microscopy are prepared from large single crystals or test
specimens by electrolytic cutting and polishing. In general, the final film has
a thickness of a few thousand Angstroms and contains in an area of, say, 10up<, a
mmber of macroscopic wrinkles. Although the angular deviation between adjacent
areas may only be in the order of one minute of arc, it is sufficient to upset
the diffraction condition. This in turn does not permit the observer to see
dislocations in a large area without continuously adjusting the orientation of the
specimen against the incident beam. Also, the diffracting lattice planes may
contain the direction of the Burgers vector of one set of dislocations which would
lead to too small a dislocation count. Again, tilting the specimen could correct
this possible error in measurement.

In case the inherent difficulties of the technique have been overcome,
the success of a dislocation count will also depend on the particular arrangement
of these defects. Since the majority of dislocations will not be straight but
kinked and curved, the actual measurement of dislocation lines per ccm is difficult.
Moreover, this measurement requires the knowledge of the thickness of the specimen,
the dislocation's glide plane and the angle of this glide plane to the foil's
surface; often the experimental determination of the Burgers vector is needed. In
principle, all of these measurements can be performed, but the process is cumbersome
and time consuming. Only few instances are known where glide dislocations are dis-
tributed uniformly throughout the crystal, which is the main assumption for the
discussion sc far.

The agglomeration of dislocations into tangles or "diffuse" cell walls
during plastic flow is more frequent. Here, the density of dislocations may become
so high that cell walls cr tangles appear as dark areas in the micrographs, which
condition will not allow a dislocation count at all, or only over smaller areas.
0f course, thinning the foil to 1000 A or possibly less would enable the detection
of single dislocations; however, this appears not to be possible without losing
many of them to the surface and/or from their ararrangement. This is exactly what
seems to have happened in the foils studied by Ham (27). His paper contains three
electron micrographs which exhibit cell walls containing glide dislocations in
(i) pure aluminum, (ii) unaged A1-0.5% Ag, and (iii) aged A1-0.5 Ag. Whilk the
latter micrograph shows dislocations not only in the cell walls but also in the
areas between walls, the volume between cell walls in the first two micrographs is
empty. It is known from other investigations (29) that aluminum contains small
prismatic loops near glide dislocations. The absence of prismatic loops and some
odd dislocations within the cells indicate that the final foils were too thin to
permit reliable dislocation counts, while thicker foils would have obscured single
dislocations in the cell walls. It stands to reason that diffraction electron
microscopy is a suitable technique for dislocation counts in lightly deformed
crystals with reasonably uniform dislocation density. However, for heavily
deformed crystals the error of measurement is quite considerable, and Ham's data
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on A1-0.5% Ag are not acceptable until the measurcments have been repeated with
single crystals which permit the counts in known crystallographic planes and an
accurate determination of the specimen's thickness.

Summary of Applications

Many applications of *the techniques discussed above to the numerous
problems of substructures in crystals have been reported (30). It has been pointed
cut in the previous paragraph that diffraction electron microscopy is particularly
useful for accurate measurements in the range of a few microns and less. This is
the reason why the most significant results have been obtained on substructures in
deformed metals, characterizing their role in yielding phenomena, plastic flow, by
translation as well as twinning, and fracture. Since this method offers the
highest resolution of all known experimental techniques for the study of disloca-
tions, even sub-boundaries with spacings ot less than 500 A can be analyzed in
great detail, provided the arrangement is fairly regular. This applies to all tilt
and twist boundaries, and the investigation of recovery and recrystallization
processes with this method can be very useful. Recently, the formation of disloca-
tion networks in crystals with layer structures has received considerable attention.
Since these crystals cleave easily parallel to their basal planes, specimen prep-
aration is thus facilitated and, of course, it is of great advantage that the dis-
locations are lying parallel to the plane of the specimen. Usually, diffraction
conditions are satisfied for areas larger than the field of view, and very
beautiful micrographs have been taken from graphite, mica, talc, the bismuth-
tellurides and others (31).

Certain substructures found in crystals grown by solidification methods
have spacings in the order of 1 mm, and electron microscopy is not likely to
contribute much to their explanation. The chances of coming across grown-in sub-
boundaries in a thin film are rather small, and x-ray and etch pit techniques are
more suitable for their study. However, in the field of epitaxial overgrowth
diffraction microscopy could play an important role. According to Frank and
van der Merwe (32), the misfit between two different lattices can be described in
terms of interfacial dislocations, and interesting observations on PbS and PbSe
and chromium bromide have recently been reported in the literature (33, 3k).

The most interesting observations of substructures have been made on
deformed crystals, and we will limit ourselves to a brief discussion of dislocation
patterns in metal crystals. The state of the art until 1959 was summarized by
Hirsch in a review article (35). In agreement with earlier surface studies on
deformed metals (36), it was found that a-brass and the pure fcc metals respectively
show different dislocation structures indeed. In a=brass and stainless steel (37)
pile-ups were observed while in gold, copper and nickel the dislocations are
arranged "in very complex three-dimensional networks at low deformation, and in
poorly developed sub-boundaries at higher deformations." (35) Experimental evidence
to this effect due to Tomlinson and Partridge was given in the above-mentioned
review article by Hirsch (35) and by Whelan (38). These results were explained
by considering dislocation interactions.

In 1959, Wilsdorf and Kuhlmann-Wilsdorf (29) pointed out that small
prismatic dislocation loops were present near the irregularly arranged glide
dislocations in lightly deformed aluminum and mickel. For several reasons,
including the observation that the nature of these loops is the same as that of
quenched-in loops (39-l41), it was concluded that point defect interactions with
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glide dislocations are responsible for the formation of the irregular and kinked
dislocations in fcc pure metals. Along an individual dislocation line many curva-
tures of very small radii can be observed which are too small to be in equilibrium
with the applied stress; i.e., dislocation lines are lying not in one slip plane
but contain many super jogs. The fact that tangles occur at a glide strain of

0.05 in crystals oriented for single glide is strong proof that the responsible
mechanism is based on point defect interactions and not on "forest cutting" (L42-LL).

Another unexpected dislocation phenomenon, discovered with the help of
diffraction electron microscopy, is the presence of long, narrow dislocation loops
which form behind screw dislocations parallel to £ 112 >» . They were seen in
aluminum (L4S), magnesium oxide (L6), in zinc (L47), copper (L8,49,50), and in
fatigued metals (48). In particular, the presence of these dislocation "dipoles"
is most frequent in stage I of the stress-strain curve of f.c.c. crystals deformed
at low temperatures (L43,L49,50). The reason that they are not seen at higher
deformations under conditions of multiple slip or at elevated temperatures pre-
suwuably is two fold: (i) intersecting dislocations will break up the dipoles;
(ii) as shown by Price (L47), the dipoles disintegrate into sequences of prismatic
loops at temperatures which permit conservative climb.

Electron diffraction microscopy is the only technique which enables one
to see the movement of dislocations. Hirsch, Horne, and Whelan (7) were the first
to observe moving dislocations in aluminum foils. In these experiments an increase
in intensity of the illuminating electron beam was used to induce the stresses
which moved the dislocations. Soon afterwards, small straining devices were built
for the deformation of thin foils in the electron microscope (51,52,53). This
technique made possible the direct observation of dislocation propagation, their
interactions with each other and with obstacles, cross-slip, pile-ups, dislocation
sources and fracture (54,55,56). Later experiments made use of ribbons grown by
vapor techniques and showed the formation of prismatic loops in the wake of glide
dislocation. Information on climb was obtained by following the motion of
R-dislocations (39) during the annealing of thin quenched aluminum foils in the
microscope (57). Even the formation of precipitates in an aluminum-copper alloy
and their dissolution at will by controllir. the temperature cycle was possible (58).
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Fig. 5 Column in crystal used for the calculation of diffraction contrast.
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Fig. 6 Path of electrons passing through the specimen, or being diffracted

into an angle larger than the objective aperture, forming the
intermediate image

. Dislocation is indicated as dark line in
specimen.
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Fig. 9 Sketch illustrating that the image of a dislocation loop is lying
either "inside" or "outside" of the true location of the dislocation
loop. L.S. and R.S. indicate left and right-handed screw disloca-
tion respectively.

Fig. 10a Diffraction fringes due to changing thickness of specimen. 13000 :1

10b Fringes due to bent specimen, named "extinction contour'". 20000:1
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Fig. 11 Origin or diffraction fringes caused by a stacking fault.

(a) Spacing of fringes according to kinematical theory and
(b) due to the dynamical theory of electron diffraction
(after Howie and Whelan (2L)).

Fig. 12 Diffraction fringes due to
(a) a stacking fault, 40000:1; and (b) a grain or twin
boundary, 4OO00:1
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Fig. 13 Square-shaped dislocation loops in quenched and aged A1-0.5% Mg
specimen. L0000:1
Micrograph by courtesy of I. G. Greenfield

Fig. 1L "Punched-out" loops in molybdemum single crystal. LOO00:1
Micrograph by courtesy of H. Gaigher and A. Lawley
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THE OBSERVATION AND MEASUREMENT OF SUBSTRUCTURES IN CRYSTALS
BY X-RAY TECHNIQUES
by S. Weissmann
College of Enginesering, Rutgers + The State University, New Brunswick, N, J.

1. INTRCDUCTION

It 1s universally recognized that a grest many properties of solids are sig-
nificantly affected by small changes in the perfect arrangement of atoms of which
the so0lid is composed, Such properties are said to be structure-sensitive, The
three most important classes of structure-sensitive properties of crystalline mat-
ter are mechanical, olectric and magnetic, Thus the strength and plastic prop-
erties of metals and many other crystals, the phenomena of crystal growth and re-
crystallization, the diffuse properties, optical and dielectricel behavior of in-
sulating crystals, photoconductivity, luminescence and the coercive force are typ-
ical structure-sensitive properties., Generally, a relatively small number of lat-
tice defects exerts disproportionately large effects on these properties,

It is proposed to discuss in this paper various x-ray methods used for dis-
closing crystal imperfections and lattice inhomogeneities and to show how these
methods can be effectively linked to light and electron microscopic studies. For
it 1s tbe belief of this author that through the interplay of these methods a de-
tailed, quantitative elucidation of the defect structure can be achieved, Fur-
thermore, it 18 proposed to show briefly in the manner of an illustrated trave-
logue highlights of some applications of these methods to problems of scientific
and technological importance alike. Because of the limited scope of this paper
the reader will be referred to special publications if details concerning the
methods, applications and research results are drsired,

2. X-RAY BACK-REFLECTION DIVERGENT BEAM METHOD AND STRAIN ANALYSIS

The divergent beam method is principally a precision method for the determin-
stion of lattice parameters and anisotropic lattice distortions of single crystals.
It yields also information with regard to local lattice misrlignment and, if the
patterns are properly interpreted, one may even obtain a topographical mapping of
lattice misorientations in the crystal with a 1limliting resoclution of about 3'-4!
of arc.

As practiced by the autbor the divergent beam method utilizes a horizontal cap-
11lary x-ray tube designed by T. Iwura (1). An electron beam originating from an
electron gun is focussed by means of electromagnetic lenses onto the tip of a long
capillary tube, where a thin metal foil is placed as an x-ray target. By operat-
ing the tube at a sujtable voltage an x-ray beam with characteristic radiation
emerges from the tip of the x-ray tube, exhibiting a divergence of nearly 180°.

When this beam impinges on the test crystal which is placed at a distance of 1-3
mn from the tip of the capillary tube, diffraction patterns of the characteristic

(1) T. Imure, Part I, II, III; J. Jap. Inst. of Metals, 16, 10 (1952); Naniwa univ,
Ser. 4, 2, 51 (1954); Bull. Univ. of Osaka Prefecture, Ser, 4, 5, 1 (1957).
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spectrum in transmission as well as in the back-reflection region are obtained
(Fig. 1). These patterns are analogous to the well-known Kossel patterns, except
that in the case of the capillary x-ray tube the patterns are produced by an x-ray
source which is outside instead of inside the specimen, For want of a better name
these patterns were termed pseudo-Kossel patterns.

Of particular interest are the back-reflection patterns which can be obtained
with much greater ease than the transmission patterns., Only a few minutes' exposure
time is required. Figure 2 is a back-reflection pattern of an Al-3,85% Cu crystal
solution heat-treated and water-quenched. Each ellipse corresponds to a definite
(hkl) set of planes. By measuring the long axis of the ellipses and the specimen-
to-film distance, the interatomic distance, d, of the various (hkl) planes can be
determined (1). In a new development a quartz crystal, a few microns thick, is
used as an internal calibrator. The quartz crystal is placed in front of the test
crystal and both patterns, that of quartz and thut of the test crystal, are simul-
taneously recorded, Using the a, parameter of quartz as an internal standard the
d-spacings can be measured with a precision of +0,02%.

Hosokawa, Padawer and Weissmann (2) have recently developed an alternative
method achieving nearly the same degree of precision., In this method the pseudo-
Kossel patterns are recorded on the same film at different specimen-to-film dis-
tances and the diffraction angle © of the (hkl) reflection is directly determined
from the precisely known distances between consecutive film positions. Let/?xepb
resent the dip angle, that i1s, the angle between the optical axis of the capillary
tube and the normal of the diffracting (hkl) planes, a=90-9, and let m and n be
the measured distances of the corresronding points on the elliptical pseudo-Kossel
patterns recorded at film positions ap and ay, respectively, as shown ia Fig, 1,
where ¢ = ay - ay; then the following relationship holds:

m/c = tan(a +,8) (1)
n/c = tan{a - B) (2)

From these two equations a and therefore @ and d(hkl) can be determined di-
rectly.

Modifications of the interatomic spacings resulting rrom physical or chemical
processes can be well studied by the divergent beam method, and since individual
(hk1) reflections are being measured the anisotropic changes in structure can be
uniquely determined. For example, the (hkl) and (hkl) reflections in a cubic struc-
ture give rise to two different ellipses and consequently if anisotropic changes
in structure occur the d-values of the two reflections may no longer be identical.
One may become larger and the other may indeed become smaller (Fig. 3). By measur-
ing the changes of lattice spacings, Ad, of more than six independent (hkl) re-

ections and referring them to the d values of the original state, strain values,
, are obtained which are used as the raw data for a recently developed strain
analysis (3). This analysis, carried out with the aid of a comvuter, gives the
strain distribution in terms of three principal strains, namely, the maximm strain

(2) W, Hoeokawa, G. Padawer and S. Weissmann, "Precision Measurements by the X-Bay
Back-Reflection Divergent Beam Method,"” (to be published).
(3) T. Imura, S, Weissmann and J, J, Slade, Jr., Acta Cryst. 15, 786 (1962).

76



€ ., the intermediate strain €, and the minimum strain 3 3. The magnitude and di-
redtion of the principal strains define completely the strain ellipsoid and conseq-
uently the strains in any other desired direction can be computed.

2,1 Applications

A, Lattice Distortions in Age-Hardening of Allovs

The strain analysis based on the back~-reflection divergent beam method was
applied to the stuldy of agew-hardening of an A1-3.85% Cu alloy (3). Various modes
of quenching and various stages of age-~hardening were investigated. The results
of the analyeis are given in Table I, The maximum strain corresponding to the
ageing stage associated with the formation of the Guinier-Preston zones coincided
with one of the [10Q] directions and shifted about 20° when the Q' phase was pre-
dominant. The anisotropy of strain distribution was interpreted in terms of s pre-
ferred vacancy migration due to thermal and concentration gradients introduced by
quenching,

B, Lattice Defects Induced by Neutron Irradiation

Another interesting application of the method was the determination of the
strain distribution in thin quartz crystals induced by fast neutron irradiation(4).
Major strain differences were found between crystals cut parallel to the basal
(00.1) plane (z-cut) and those cut perpendicular to it (x-cut) (Table II), The
x-ray results were interpreted in terms of a mechanism of dynamic crowdions involv-
ing the formation of clusters of interstitial atoms aligned in specific directions
relative to the open screw channels of the quartz structure, and in terms of a
thermal splke mechanism giving rise to cluster formation, It was indeed gratifying
when subsequent studies of transmission electron microscopy, carried out on the
identical specimens after appropriate thinning by etching, disclosed directly the
existence of clusters of point defects. Furthermore, it was found that the align-
ment of the clusters as determined by means of selected area diffraction coincided
with the maximm strain direction deduced from the x-ray study (Fig. 4). Good
agreement was also found between the average size of defect clusters determined by
transmission electron microscopy and that determined by small-angle x-ray scatter-
ing (Table III). This study may serve as a good example for illustrating the in-
terplay of x-ray and electron microscopy techniques, which are not competitive but
complementary to each other,

C. P ¢ Def Solids

Local misorientations of lattice domains show up as discontinuities in the
pseudo-Kossel 1line pattern. Such discontinuities, indicated by arrows, were made
more conspicuous in Fig. 5 by employing a multiple exposure technique in which the
specimen-to-film distance was slightly varied between exposures. Whereas ductile
motals such as f, ¢. ¢, aluminum or b, ¢. c. tantalum deform at room temperature on
many slip systems and therefore exhibit broadening and discontinuities for prac-
tically all elliptical lines, brittle metals, vis. molybdenum, deform essentially
on few or only on a single slip system and therefore show broadening and discon-~

(4)S. Veissmann, T, Imura, K, Nakajima and S, E. Wisnewski, "Lattice Defects of
Quarts Induced by Fast Neutron Irradiation" (to be published in Proc. of Sympo-
sium op Point Defects, Kyoto, 1962, J. Phys. Soc., Japan).
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tinuities for only a few (hkl) reflections, leaving the other (hkl) reflections
rirtually unaffected, This opens up an exciting possibility of stwlying the change
in strain distribution during the ductile-brittle transition of a metal, Such
studies are currently in progress, For initial stages of deformation of metals the
3train distribution on all active slip planes can be determined frowa the principal
strains and the increase or decline of strain can be followed as a function of
Jeformation., The strain distribution measurements of this type are made possible
alther because of an effective build-up of strains taking place at the specimen
surface, where dislocations are being prevented from escaping presumably by bar-
riers of oxide layers, or because of the existence of residual strains resuliting
from the deformation process,

If a binary alloy foil is used as x-ray target the pseudo-Kossel pattern will
consist of two sets of lines corresponding to the target material, Consequently,
precision lattice parameter measurements can then be carried out not only as a
function of wavelength but also as a function of depth penetration., It is aleo
possible to extend the divergent beam method further by carrying out microphoto-
metric measurements of the line profiles followed by a Fourier transform analysis
in order to determine particle size and average local strain (5). Such studies are
also currently in progress,

3. COMBINATION OF X-RAY DOUBLE-CRYSTAL DIFFRACTOMETER AND
X-RAY DIFFRACTION MICROSCOPY

The double-crystal diffractometer is a precision instrument capable of resolving
lattice misorientations of a few seconds of arc, It is, therefore, very well suited
for the study of the misfit angle of adjacent subgrains and its modifications in-
duced by mechanical stress or annealing,

In this instrument the incident beam falling on the test crystal is first re-
flected from a monochromatizing crystal and the beam reflected by the rotating test
crystal is registered by an electronic radiation detector., Perfect test crystals
will reflect over a very narrow range of specimen rotation, while imperfect crystals
having a wider spread of lattice misorientation will reflect over an extended range.
In the case of crystals possessing subgrains which are brought successively into
reflecting position, the reflection curve will exhibit maltiple peaks instead of a
single peak (6), Such a reflection curve is illustrated in Fig. 6, where the angu-
lar separation of <¥30' between peaks 3 and § defines the miafit angle between two -
ad jacent coarse subgrains. It is interesting to note that in this specific case
the misorientation of the coarse subgrains is not large enough to be resolved by
conventional x-ray techniques, Thus the back-reflection Laue diagram of this
crystal exhibtits no visible break-up of the spots,

The most characteristic and useful feature of the double-crystal diffractometer
method as employed in this leboratory is the combination of electronic radiation
detector and supplementary film technique (64). Although the’ radiation detector is
highly sensitive in registering slight variations in x-ray intensities, it is in-
sensitive in discriminating between the location of different lattice domains on
the specimen surface which contribute to a registered intensity valus. 4 film

(5)B. E. Warren, Progress in Meta] Physics, 8, Ch. 3, 147, Pergamon Press (1959).
(6)J. Intrater and S, Weissmann, Acta Cryst. 7, 729 (19545.
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placed in front of the radiation detector, however, functions as a "guiding oyp" to
the counter and pins down the location of the reflecting lattice domains which give
rise to a specific registered intensity value,

The analysis of the reflection curve of Fig, 6 by means of the supplementary
‘film technique is shown in Fig. 7. This figure exhibtits the reflection images of
the magnesium crystal recorded photographically in front of the radiation detector
at discrete rotation positions of the specimen. The corresponding positions are
indicated by numbers, The break-up of the reflection images discloses the exist-
ence of microscopic subgrains of which the coarse subgrains sre composed. By trac-
ing the reflection imagees to the specimen surface photographically a topographical
mapping of the substructure can be achieved by x-ray diffraction microscopy and
t(:grrelagd to the quantitative analysis of the double-crystal diffractometer method
s 1y . '

The topographical mapping of lattice inhomogeneities by x-ray diffraction mi-
croscopy was first suggested by Berg (9) and later extended by Barrett (10). It is
based upon differences in diffracting power from point to point in the specimen to
produce contrast and to enhance the topographical detail of the image, In imper-
fect crystals image intensification is obtained by diffraction from adjacent lat-
tice domains which are curved or misaligned in a concave manner, while diffraction
from lattice domains curved or misaligned in a convex manner will give rise to a
dispersion of the diffracted beam. In the former case the image will be darker,
whereas in the latter case it will be lighter than the background,

Figure 9 shows the instrument with the aid of which the analysis of the mag-
nesium crystal (Figs. 6, 7) was carried out. Not only single crystals but also
polycrystalline materials can be analyzed by the combination method. By means of
the movable upper platform, which can be rotated around an axis coincident with
that of the monochromatizing first crystal, the test specimen can be irradiated suc~
cessively with unfiltered and crystal-monochromatized radiation (8)., In the case
of a polycrystalline specimen this technique permits one to trace the reflection
curves to the correaponding graine on the specimen surface and to analyze these
grains for their substructure characteristics (8),

Depending on the perfection of the grains, the specimen is rotated in angular
intervals of seconds or minutes of arc and the spot reflections of the grains, re-
corded for each discrete specimen rotation, are separated by film shifts, This
multiple exposure technique gives rise to an array of spots for each reflecting
grain, Since each grain may be regarded as the test crystal of a double-crystal
diffractometer, the array of spots is analogous to the reflection (rocking) curve
of a single crystal and can be analyzed in a similar manner, Thus, if the grains
contain a substructure the intensity distribution of the array of spots shown in
Fig. 8 will be multi-peaked in complete analogy to the reflection curves obtained
from single crystals containing substructure. In the case of single crystals indi-

(7) S, Weissmann, J. Appl. Phys., 27, 389 (1956).

(8) S. Weissmann, Trans. Am. Soc. for Metals, 52, 599 (1960).

(9) W. Berg, Naturwissenschaften 89, 286 (1934%

(10) C. S. Barrett, Trans. Am. Inst, Min. and Metall. Engrs. 161, 15 (1945).
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vidual subgrain boundaries can even be analyzed if an exposure superposition tech-
nique is used (11).

3.1 Applications

A, Substructure and Dislocation Networks in Tungsten (]])

The existence of three orders of magnitude of subgrains was disclogsed in a
single crystal of tungsten produced by the arc fusion method. Two orders of sub-
grains, namely, the mecrosc- .ic and microscopic subgrains--~also termed first and
second order subgrains--are shown in the reflection micrograph of Fig. 10. This
micrograph was teken with unfiltered copper radiation using a microfocussing tube
with an effective focal spot size of 40 4o Both the specimen as well as the fine-
grained photographic plate, placed 1 mm from the specimen, were oscillated over a
range of ~1° of arc. Applying the exposure superposition technique shown in
Fig., 11, which consists of the successive application of unfiltered and crystal-
monochromatized radiation, the individual sub-boundaries such as those separating
the macroscopic subgrains A and B were directly analyzed. The reflection curve
taken with crystal-monochromatized radiation, shown in Fig. 12, consists of two
major peaks, one pertaining to subgrain A and the other to subgrain B. Since the
sub-boundary was so oriented that it coincided with the specimen rotation axis, the
peak-to-peak separation of 16.5' yielded directly the disorientation angle between
the subgrains. From th%s angleothe dislocation density in the sub-boundary was
computed to be 2.8 x 107 per em“. By employing the supplementary film technique at
the rotation positions indicated by numbers in Fig, 12, the microscopic subgrains,
marked by the small letters a—f in the corresponding metallograph of Fig. lla,
were analyzed. The disorientation angle of the microscopic subgrains ranged from
1'-4" of ,arc and the dislocation density in the sub-boundaries from 7.7 x 105 to
2.2 x 10® per cm?. The smallest subgrains (third order), about 104t in size, were
directly disclosed by transmission electron microscopy after the specimen was ap-
propriately thinned by electropolishing.6 The avsrage dislocation density in the
sub-boundaries turned out to be 1.8 x 10° per cm (11).

B, Mechanical and The St ty of Low-Angle B aries

The mechanical and thermal stability of low-angle boundaries in zinc single
crystals were studied by methods combining light microscopy with the x-ray combin-
ation method described above. The modifications of the x-ray reflection curves
during isothermal annealing were studied by means »f a special timing device at-
tached to the reversible motor which controls the rotation of the precision goniom-
eter head holding the test specimen. The time intervals for reversible specimen ro-
tation were controlled by an interchangeable cam system. Consequently, the entire
reflection curve or portions of the reflection curve could be repeated as desired
during isothermal annealing and the modifications in the x-ray profile could be
studied as a function of annealing time. Thus, if no detectable change in substruc-
ture occurred, the consecutive curves obtained as a function of annealing time ap-
peared as perfect mirror images of each other, since by means of the reversible
motor the direction of the specimen rotation was reversed. Conversely, if changes
in the substructure occurred the consecutive rocking curves exhibited corresponding
modifications in shape. For the annealing of the specimens, which was carried out

(11) Y. Nekayama, S. Weissmann and T. Imura, Dipect Observations of Imperfections
in Cryetals, p. 573, Interscience Publ., div. of John Wiley & Sons, New York,1962.
(12) S. Weiesmann, M, Hirabaysshi and H, Fsugita, J. Appl. Phys, 32, 1156 (1961).



on the x-ray unit without removal of the specimen, an elliptical reflector lamp was
used,

It was found that low-angle boundaries perpendicular to the basal plane did
not offer any appreciable resistance to a shearing force parallel to the basal plane
if they were pure tilt boundaries, but constituted substantial barriers if they
wors asymmetrical, that is, made up of screw and edge dislocationa, If the external
force exceeded a critical value these asymmetrical, low-angle boundaries became
sites where fracture occurred, The strengthening effect of the asymmetrical low-
angle boundaries was attributed to the effective stress field of the screw disloca-
tions, which were mechanically statilized by the edge dislocations., The stress
field of the screw dislocations was also responsible for the thermal instability
of the asymmetricel low-angle boundaries, which on annealing were gradually con-
verted into pure tilt boundaries. A coarse substructure established after anneal-
ing was thermally very stable. On solidification after partial melting of the
crystal, the coarse substructure was re-established, whereas the fine substructure
was entirely modified (12).

C, Struct Ch 8 A ted with z
Gr G

Growth processes of 99.998% aluminum were studied by the combination method
discussed in section 3. The recrystallized grains were shown to be the product of
preferential subgrain growth whereby subgrains subtending large disorientation
angles with respsct to their neighbors exhibited the highest welocity of growth.
The recrystallized grains emerging from the deformed matrix showed at first a high
degree of lattice perfection, However, as growth proceeded lattice imperfections
were incorporated into the growing grain and the lattice misorientation of the grain
increased. These lattice imperfections arose either from grain impingement and
adaptation to orientation differences which might have existed between the growing
grain and the grain being consumed, or they might have been generated by overcom-
ing barriers such as impurity-locked dislocations. The recrystallized grains ex-
hibited occasionally a fine net of sub-boundaries which usually emanated from the
advancing interface. In any case, the lattice defects were not survivals of de-
fects introduced during the deformation process but were by-products of the growth
process, However, owing to the large volume increase of the growing grain the
number of dislocations per unit volume, that is to say, the dislocation density,
steadily declined.

4. DIRECT OBSERVATION OF LATTICE DEFECTS IN CRYSTALS
OF LOW DISLOCATION DENSITY BY X-RAY DIFFRACTICN MICROSCOPY

In crystals of low dislocation density the direct observation of lattice de-
fects by x-ray diffraction microscopy can be achieved in two different ways. One
method is based on the effect of primary extinction contrast, while the other is
based on the anomalous transmission effect of the x-ray beam,

4.1 X-Ray Diffraction Microscopy Based on Extinction Contrast

In highly perfect crystals contrast is governed by the effect of primary ex-
tinction, If a perfect crystal is set in reflecting position the energy of the

(13) S. Weissmann, Trans. ASM 53, 265 (1961).
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incident, primary beam gets rapidly extinguished as the beam passes through the
crystal, because the energy diverted into the secondary or reflected beam interacts
intimately with the primary beam. One cen see in a general way how this diminution
may come about, The wave reflected by each crystal plane suffers a phase change of
Jr/2 relative to that of the primary beam, so that the twice-reflected waves which
again travel in the direction of the primary waves will have a phase difference of
77 relative to the primary waves. This phase difference results in a reduction of
the amplitude of the primary beam., In a perfect crystal the definite phase rela-
tionship set up between the incident, the reflected and multiple-reflected waves
leads to a constant interchange of energy between the primary and diffracted beams.
The process results in a dynamic equilibrium which extinguishes the primary beam
after penetrating to a depth of 0.1lx to 19/{ for strong reflections and a larger
distance for weaker reflections,

If a crystal contains a few dislocations the rupture of coherence in the per-
fect periodicity of the reflecting planes as well as the lattice strains assoclated
with the dislocation lines decrease the primary extinction effect. The diffracted
image of a lattice domain will, therefore, be enhanced in the vicinity of a dis-
location line and this is the underlying reason why in nearly perfect crystals the
dislocations can be made visible by x-ray diffraction microscopy. .

The contrast, thet is, the intensity above background Ip will depend on the
direction of the lattice strain (Burgers vector b in the case of a dislocation) rel-
ative to the orientation of the reflecting (hkl) planes. The relation is given by

Ip = k(g + B) (1)

where 'E’= reciprocal lattice vector
= displacement or strain vector (Burgers vector in case of a dislocation)
k = constant.

It will be seen that maximum contrast is achieved if the lattice strain is
normal to the reflecting (hkl) planes and will be zero if it is parallel to them,

By applying the Berg-Barrett reflection method ¥ crystals of LiF Newkdrk (14)
has successfully shown on the basis of extinction contrast individual dislocation
lines and fine details of dislocation networks.

A refined variation of the Berg-Barrett method, the projection topography
method of Lang, has found interesting application for the study of the dislocation
structure in semiconducting crystals (15, 16, 17). The basic principle of this
method is shown in Fig. 13, A collimated x-ray beam g impinges on a crystal b,
which i8 so oriented and of such thickness as to permit the Bragg-reflected beam
to pass in transmission. The diffracted beam is recorded on a fine-grained film c,

(14; J. B. Newkirk, Trans. Am Inst, Min, & Metall. Engrs., 215, 483 (1959).
(15) A. R, Lang, J. Appl., Phys. 29, 527 (1958); 30, 1748 (1959).

A,
(16) A. E, Jenkison and A. R, Lang, Direct Obgervat £ fect in Crystals,
p. 471, Interscience Publ., div, John Wiley & Sons, New York (1962).
(17) G. H. Schwuttke, Direct Observation of Imperfections in Crystals, p. 497, In-
terscience Publ., div. John Wiley & Sons, New York (1962).
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placed close to the crystal. Since the image of the specimen is larger than the
width of the interposed slit, the specimen is moved synchronously with the film. A
stationary screen d is provided which prevents the direct beam from striking the
film,

Figure 1, shows a Lang camera commercially produced by the Rigaku-Denki Co.
which is so designed that its greatest effectiveness is achieved when attached to
a microfocussing x-ray source, preferably 104 in size. Figure 15 illustrates an
x-ray diffraction topograph of a silicon crystal produced by a Lang camera, dis~
closing clearly the pattern of the dislocation structure of the crystal. “

X-ray topography ie not only applicable to disclosure of the dislocation struc-
ture of crystals but is also capable of revealing segregation effects such as oxy-
gen banding in silicon crystals (17). If the crystals 6to Ee analyzed contain, how-
ever, a large dislocation density, viz. larger than 10°/em“, or a large density of
impurities, the x-ray topographs become so complicated that no unequivocal inter-
pretation can be rendered and their usefulness becomes greatly reduced.

4.2 X-Ray Diffraction Microscopy Based on Anomalous Transmission Effects

An extensive review article on the anomalous transmission of x-rays has been
published by Borrmann (18)., The essential principles of this effect will be briefly
outlined here. Anomalous transmission occurs only in nearly perfect crystals amd
consists of enhanced transmission of the direct beam if the crystal is held in dif-
fracting position. When the crystal is rotated to any non-diffracting position
the intensity of the transmitted direct beam is considerably reduced. This effect
was discovered by Borrmann (19) and subsequently explained by Von Laue (20).

If a plane monochromatic x-ray wave enters a perfect crystal set for diffrac-
tion position, two standing waves are generated, The flow of energy takes place
principally along the lattice planes and the direction of the standing waves is
perpendicular to the flow direction. Taking the case of a simple lattice, one of
these standing waves (A) may have its nodal planes coincide with the position of a
family of (hkl) planes, while the other standing wave (N) has its nodes halfway
between, If the crystal is assumed to consist of point absorbers taking the place
of real atoms, the N wave will rapidly be absorbed due to its interactions with the
point absorbers, while the A wave is transmitted with undiminished intensity through
the crystal, Upon leaving the crystal the A wave splits into two equal components,
namely, the transmitted beam R, and the diffracted beam R (Figs. 16 and 17).

In the case of a real crystal consisting of scattering atoms whose scattering
factor is known, the A wave has a finite absorption coefficient. The intensity of
the x-ray beam emerging from the crystal will depend greatly on crystal perfection.
Lattice defects destroying the periodicity of the erystal will reduce the intensit;
of the A wave, since the critical conditions necessary for the Borrmann  ano.alous)
transmission are being destroyed and normal absorption will then occur., Figure 15
shows schematically a simple experimental arrangement used by Schwuttke (21) to ob-

(18) G. Borrmann, Bejtraege zWr Physik und Chemie des 20 Jahrhupderis, edit. by
Frisch, Paneth, Laves and Rosbaud, p, 262, Vieweg, Braunschweig, (1959).

(19) G. Borrmann, Z. Physik 42, 157 (1941); ibid. 127, 297 (1950).

(20) M. Von Laue, Acta Cryst. 2, 106 (1949).

(21) G. H, Schwuttke, J. Appl. Phys. 33, 2760 (1952).
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tain anomalous transmission topographs of the dislocation structure of semiconduct-
ing orystals such as those shown in Fi;, 17, In this picture the R and R, images
are completely identical, as expected from the theory of anomalous transmission.
The dislocation 1lines are clearly visible as shadows because the anomalous trans.
mitted wave field is not propagated in the strain field associated with the dis-
locations,

Segregation and precipitation of copper in silicon and arsenic in highly doped
germanium crystals could also be disclosed by this method (21),

4.3 Comparison of Extinction and Anomalous Transmission Methods

The results obtained by the two methods are virtually identical, While both
methods are restricted to the study of lattice defects of nearly perfect crystals,
the conditions of obtaining maximum contrast of the image differ greatly. For best
contrast the anomalous transmission metgod requires that the product of “ x ¢ S 20,
while for the extinction method 4« x t = 1, where « is the linear mass absorption
coefficient and t (cm) is the thickness of the specimen. As a direct consequence
of this condition soft radiation, viz. copper or cobalt, is used for the anomalous
transmission method and penetrating radiation, viz. silver or molybdenum, for the
extinction method if applied in transmission (Lang method).

The contrast images of lattice defects differ also in both methods., In the
anomalous transmission method defects show up by absorption contrast, whereas in
the extinction method the contrast is produced by enhancement of the transmitted
intensity. If equal areas are recorded, the scanning extinction method requires
approximately one half the exposure time necessary for the stationary anomalous
transmission method (21).

5. DETERMINATION OF SUBSTRUCTURE CHARACTERISTICS BY IMAGE TRACING

A method has been recently developed by Weissmann, Gorman and Zwell (22) by
vhich the substructure characteristics and dislocation densities of crystalline
materials can be rapidly determined., The method is based on spatial tracing of re-
flection images and their extrapolation onto the specimen surface, using the method
of least squares,

If a Bragg reflection is photographically recorded at increasing specimen-to-
film distance, the parametric equations of the reflected ray are given by

+ Bxn
;: N /ﬁg;h (1)

where (x5, yo), (x, y) are the coordinates of the reflection images on the crystal
surface and on the film, respectively, h is the specimen-to-film distance and (/x, -
ﬁy) are the slope parameters. From measurements of the coordinates X3, Y4 cor-
responding to the distances hy, the x,, y, coordinates on the specimen surface are
determined by the method of least squares, using the equations (22)

x
y

(22) S, Weissmann, L. A. Gorman and L. Zwell, J. Appl. Phys. 33, 3131 (1962).
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. = zngz‘ - ZpZhx
©  aTh* - (zh)

g = SyZh? - Shihy
°7 nin? - (£h)?

(2)

Sirlarly, the slope parameters are determined by the method of least squares
from the expressions

- nZ% - 2":’5‘
ﬂx " nzZh” - (£h)

_nZhy - =hz
A = (a0’

n zh2

(3)

Referring to Fig. 18, the size of the images is measured in terms of Ay and
Ax for various values of h, and the dimensions on the specimen, A x, and 4y,, are
determined by the application of Eq. (2).

If a parallel, crystal-monochromatized radiation is used the change of the size
parameters Ay and Ax for various h values gives information about the vertical
lattice misalignment, AA4,, and the horizontal lattice misalignment A&Sy. These
can be computed with the ald of Eq. (3).

The disorientation angle between subgrains can be computed from the measure-
ments of the verticsl separation, At, and the horizontal separation, As, of the
images as a function of h and substituting these values in Eq. (3).

For this method the requirements of instrumentation are reduced to a minimum.
Its application should be within the reach of any laboratory having standerd dif-
fraction equipment,
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(a) (b)

Fig. 4—-Transmission electron micrograph of z-cut quartz crystel irradiated
1 x 1077 nvt, (a) Bright field., (b) Dark field. (c¢) Selected area 4dif-
fraction, Dark field taken from (10.0) reflection.

Fig, 5--Back-reflection x-ray divergent beam photographs of Mo crystal. a) Unde-
formed. b) Leformed 5.87 at room temperature. Note: Irradiation of ad-

jacent lattice domains by multiple exposure technique. TCistorted lattice
domains indicated by arrows,
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Fig, 8--Detailled view of (422) reflection of multiple-exposure diagram exhibiting
multi-modal intensity dlstribution curves typical of agbgrain structure,
Al 99,95% pure, 96% reduced and annesled 1 hour at 300" C. Specimen ro-
tation interval 4°'.
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Fig. 10--X-ray oscillation reflection micrograph of tungsten single crystal grown
by arc fusion, Effective focal spot size 40,¢. Disclosure of macro-
scopic and microscopic substructure. Magnification 40 x.
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Fig. 13--Principle of Lang's x-ray projection topography. (a) Collimated x-ray
beam, (b) Crystal. (c) Film. (&) Stationary screen,

Fig. 14--Commercial Lang camera for x-ray diffraction topography (courtesy of
Rigaku-Denki Co,).
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Fig. 15--X-ray diffraction topograph of silicon (220 reflection). Growth axis <y
(courtesv of G. H. Schwuttke). The dislocation density at A is approxd -
mately 109 linestin®. Alignment of edge dislocations at D. Long disloca-
tion 1ines with maximum contrast at C. The short lines at D have 60°
Burgers vector lying in the plane perpendicular to (110).
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Fig. 18--Schematic representation of spatial image tracing showing dependence of
imege size and separation on substructure characteristics.
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Discussion of Paper by S. Weissmann

The Observation and Measurement of Substructures
In Crystals by X-Ray Techniyues

by

W, P. Evans

Research Department

Caterpillar Tractor Company, Peoria, Illinois
and
J. B. Cohen
Department of Materials Science
The Technological Institute
Northwestern University
Evanston, Illinois

We would like to point out that another x-ray technique, the Fourier
analysis of shapes of diffraction peaks, is useful in characterizing substructures.
This method was originally proposed by Warren and Averba.chl and was recently
reviewed by Warrenz. !One obtains from the coefficients of a Fourier series

)

representing a peak the mosaic size (D determined by substructure

eff <hk£>l’/2
and fault density, and the rms strains <¢ <A ><hki,> averaged over various

distances (X;\) normal to the diffracting planes, i.e., in specific crystallographic
directions. Additional information concerning faulting and long-range strains
can also be obtained from peak positions and peak asymmetryz’ 3. The informa-
tion obtained is averaged over the area under the x-ray beam and thus good
statistical data is obtained to relate to properties which do not depend on a local
state of imperfection (such as in a failure or in recrystallization). In addition

to being non-destructive and not very restrictive as to sample geometry, it is
also especially helpful after moderate deformation, in which case present resolu-
tion with the electron microscope is not adequate. In fact, we have even found it
useful after only a few percent elongation in tension of fine grairned materials.
Apparently the method has not been used extensively because of the work involved
in obtaining the Fourier coefficients. However, this can be done quickly and

cheaply with computers4; in fact it is possible to feed the x-ray data directly to
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punched cards or tape, or to use a chart reading device with the computer and
hence to eliminate almost all the time for analysis.

Two recent theoretical investigations have shown the nature of some of the

. . 5,6
errors in the analysis and how to simply correct for these™’ .

In order to demonstrate the usefulness of the method, we wish to briefly

present two examples:

1) Relationships between the substructure and properties of electro-
deposits are not at all clear, for example, it is known that macro-
residual stresses and hardness do not correlate we117. In Table I
data is presented concerning the effect of potassium ethyl xanthate
(KEX) additions on the substructure of Ag electrodeposits, as deter~
mined by the Fourier technique, and some of the properties of the
deposits. These results clearly illustrate that in this case the mosaic
size and twin fault probability (@) control the hardness but are not
important in determining the residual stresses, especially after large
additions of KEX.

2) The fatigue life of steels seems to increase and pass through a
maximum with increasing hardnessg. It is also known that in-
troducing surface compressive stresses, for example by peening,
will improve fatigue lifelo. In Table II, some x-ray data on a 1045
steel is presented for two heat treatments and for the effects of
peening“. At low hardness levels, peening affects both the long-
range residual stresses and the substructure (mosaic size and
microstrains) whereas at a high hardness level, only the long-range
stresses are strongly affected. This data suggests that in low
hardness steels, the substructure is important in retarding ductile
fracture. However, this substructure also lowers cleavage strength
or raises the flow stress above the cleavage strength; hence as
hardness increases cleavage fracture becomes more important,
resulting in the maximum in fatigue life. The role of long-range

compressive residual stresses at high hardness is then to
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retard clevage fracture.

It is also worth pointing out that with polycrystalline b. c. c. metals and
alloys (such as low carbom steel) the diffraction pattern contains a third order of
one peak, the 440, which does not overlap with any other peak. (This does not
occur with polycrystalline f.c. ¢c. materials.) As a result of this, enough data is
available in the diffraction pattern to obtain the actual strain distribution without
assumptions1 and thus to see how the distribution is affected by treatment. The
results can be compared with distributions arrived at from theoretical considera-
tions. For example, if the strain distribution is thought to be Gaussian, the
standard deviation (¢ ) is simply related to the microstrain and the long-range
residual strains:
2< hke> atxa - <F i A~ <hk{> = “>2< hkl>

is obtained from peak shifts.

o

where <¢> < hked

Thus it is possible to calculate the Gaussian distribution from some of the
Fourier data and to compare it to the actual distribution determined from the
Fourier analysis, and perhaps with electron microscopy as well, to understand

why and how the distribution is affected.

Finally, we would like to point out that electron microscopy could be
especially useful in establishing the exact meaning of the mosaic size determined
1
by x-ray diffraction. Some work along these lines has been done 2 but much more

is needed.
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TABLE I

STRUCTURE AND PROPERTIES OF
SILVER ELECTRODEPOSIT*

Conc. KEX 0.00 0 0.34 | 0.84 1.9 3.5
mg/1 .
2 1/2 -3
L2, 1. 4x10 1.7 1.4 1.7 1.8
<€ T0A” <11l x .
2 1/2 -3
. 1.9x10 1.6 1.7 1.75 -
<€ 5047 <200> 9x
Surface Stress (in psi) | | 375 1250 | 10,750 | 11,900 | 9,000
error: _t 2560 psi
VHN 92 103 95 | 111 116
errorx " 7 pct.
e 0.001 0.011 | 0.005 | 0.015 -
560A 250 340 150 170
Degrci11>
260A 140 180 85 -
Deff(200> ‘
4000A 370 820 280 -
D¢ c220>
Plating 75% 85% 76% 85% 89%
Efficiency ‘

* Plating Conditions: 1.4N KCN + 0.4N KCN, 10 ma/cmz,
room temperature.

+ Calculated contribution of (i to D
eff
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TABLE LI

EFFECTS OF PEENING ON THE SUBSTRUCTURE
AND PROPERTIES OF SAE 1045 STEEL

Not Peened Peened*
RC - 21 RC - 50 RC - 21 RC - 50

2 1/2 -3 -3 -3 -3
<t 4A><110> 4, 5x10 10. 7x10 8x10 11x10
<Deff><110> 1900A 315A 420A 260A
<g¢ >

av. 220 0.2x10"> -0.5x107> | | 0.9x107% | 1.3x1073

peak shift

<g > sine -3 -3 -3 -3

av  coeff. 220 0.2x10 0.4x10 1.1x10 1.6x10
Surface residual . . . .
Macro-stresses -15, C00psi -1200psi -67,000psi | -95, 000psi

*Peened to 0.010 A-2 intensity
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Experiments on Substructure in Iron

by

G. V. Smith, P. M Kranzlein and M S Burton
Cornell University

ABSTRACT

The development of subsiructure by recovery annealing in severel high
purity irons and in an iron 3.5¢ chromium alloy was studied by optical metal~
lography. The subgrain size was found to be essentislly independent of
tensile prestrain within the range of 5 to 307 strain, and no appreciable
growth occurred until annealing temperatures causing partisl]l recrystallization
were reached. The subgrain size for the several irons was approximately
1 to 2 microns and thet of the iron-chromium alloy slightly less In partially
recrystallized material, subgrain growth was ~bserved in the unrecrystallized
matrix.

Initial flow strength was evaluated in & zone-refined iron and in the
same iron after treaiment in pure wet hydrogen, as dependent on prestrain, and
recovery ennealing temperature For the zcne-refined iron, the yield strength
after annealing at intermediate temperature was significantly higher than the
prestrain stress, whereas the hydrogen-purified iron showed a lower yield
stress for similar treatment Hence, it is ccneluded that the strengthening
cf the zone-refined iron is to be attributed to interstitiel -substructure
interaction rather than tc substructure as has been suggested by some earlier
work reported in the literature.

The effect of grain size cn flow strength was also studied, with results
showing that interstitial-grain boundary interaction contributes importantly
to the strength of iron.

Introduction

Considerable interest has developed in recent years in the possible
influence of substructure on flow and fracture of metals Parker and
Washburn!® found that by straining mild steel from 4 to &' and annealing at
temperatures of 42, to 590°C, the ultimate strength was increesed to above
that of the cold worked material. In some cases the recovered lower yield
strength was greater than the prestrain stress, and in others it was less
The recovered yield strength was elways greater than the initial yield point
These effects were attributed to a strengthening influence of substructure
boundaries introduced@ during ennealing end this conclusion hes been widely
accepted (see for exsmple Ref. 2). However, when the evidence supporting
this view is carefully examined, it is not clear that the data are free ~f
guestion. Thus, it may be asked whether the results of Parker and Washburn
have been influenced by quench-aging or strain-aging phenomens.
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Since Parker and Washburn's early work, others have examined the
possible role of substructures, with somewhat controversial conclusions.
Washburn® introduced dislocstion arrays into zinc crystals, and observed
that the strengthening effect depended upon the temperature of annealing
of the specimen containing such boundaries. A pair of 1° boundaries intro-
duced by bending at the temperature of liquid nitrogen caused no strengthening
if the crystal was heated only to room temperature, only a small strengthening
on heating to 300°C, but considerable increase of yield stress (up to 50%) on
heating to 400°C. Li*% concluded from theoretical considerations that
polygonized edge dislocation walls should not significantly increase flow
strength. Meakin and WilsdorfS experimentally observed that although sub-
boundaries in single crystals of alpha brass occasionally offered definite
impedance to the motion of gliding dislocations, this was not generally true.
Michelak®, in studies of hydrogen purified, zone-refined iron observed a
contimious decrease in strength on annealing plastically strained samples in
the recovery range. However, no substructure was detected.

In view of the confused evidence, further experimental study seemed
desirable, and consequently the present study was made. In order to assess
the results of past or current stud.es, it is desirable to attempt to establish
what might properly be accepted as evidence of a strengthening role for sub-
structure. Certalnly, the introduction of additional dislocations and
vacancies during deformation at temperatures below the recovery range leads to
strengthening (strein-hardening), and until the density of these defects is
lowered to the original level, by an annealing process designed to develop
substructures, it is reasonable to expect residual strengthening, even when
the defects are rearranged into small angle boundaries. Thus the exact role
of substructure is difficult to assess. However, if the rearrangement into
small angle boundaries leads to an increase of flow strength beyond that of
the as-strained material, as some investigators have claimed (for example,
Parker and Weshburn), then a strengthening effect of substructure cannot be
questioned, unless an alternative source of strengthening cen be suggested.

In the case of iron, interstitial impurity atom-dislocation interaction® is
an slternative strengthening mechanism.

EXPERIMENTAL PROCEDURE

A conventional method of introdueing substructure into metals involves
plastic stralning followed by annealing below the recrystallization tempera-
ture range. Thg development of substructure in iron has recently been
reviewed by Keh”, who alsoc reported additional experimental results using
electron transmission microscopy. A cell-like structure, comprised of tangled
dislocations, forms in iron plastically strained at room temperature. Anneal-
ing at temperatures above 400°C resulted in the formation of regular dislocation
networks and a decrease in dislocation density. There was no significant
subgrain growth during recovery at temperatures below that necessary to initiate
recrystellization.

For most of the present investigation, the base material was a zone=-refined

iron which was obtained from Battelle Memorial Institute, where it had been
prepared under the auspices of the American Iron and Steel Institute. This
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material received six passes in an alumina boat. The chemical analysis of
this material is reported in Table I. However, preliminary experiments to
characterize the dependence of substructure on prestrain, time and tempera-
ture were made with a vacuum-melted and cast electrolytic iron* and a
similarly processed iron-3.%: chromium alloy. Since our early studies
suggested important interstitial effects in the zone-refined iron®, the
zone-refined iron was purified by annealing in wet hydrogen to obtain a
lower interstitial content. Pure hydrogen was cbtained by diffusion through
a palladium-silver coil and saturated with distilled water at room tempera-
ture. Treatment wes prolonged to a time beyond which further lowering of the
yield strength was not observed. Carbon was analyzed by the Fundamental
Research Laboratory of United Stetes Steel Ccrporation in the specimens after
purification and reported as 1% ppm for the hydrogen-purified iron, as com-
pared vgth 19 ppm for the non-purified material (Battelle analysis, 10 ppm,
Table I).

Wire tensile specimens were prepared from the zone-refined iron bar by
cold rolling and drawing. During preparation of the wire, great care was
taken to avoid contamination; no lubricant was used and the wire was
degreased with acetone between all stages of preparation and prior to anneal-
ing. After rolling to 100 mil. diameter rod (8¢¢. reduction of area), part
of the zone-refined iron was wet-hydrogen-purified for 50 hours at 750°C to
reduce the interstitial impurities, and paert was annealed (for recrystalli-
zation) at 750°C in vacuum. The rods were cold drawn to 5O mil. diameter
wire (/5% reduction of area) and specimens 3 inches long were cut from the
wire stock. To obtain uniform small grain size, the wire specimens were
recrystallized at $525°C for 5 hours, in vacuum for as-received zone-refined
iron and in wet hydrogen fcr hydrogen-purified iron. The resulting grain
size of both materials was about 80-100 microns (ASTM 4-5). After prestrain-
ing, the heat treating of both materia%g was performed in thoroughly outgassed
vycor capsules in a vacuum of about 10 © mm Hg; the capsules were withdrawn
from the furnace and cooled in still air.

Tensile tests were conducted at room temperature using an Instron test=-
ing machine. Specimens with & gage length of 1.60 inches between grips were
loaded at a crosshead spggd of 0;92 inches per minute, which gave an initial
strain rate of 1.25 x 10 ~ min. . The yield strength was defined as the
lower yield stress in zone-refined iron, for which a well-defined yield
point wes always observed. In some cases, small yield points were observed
in the hydrogen-purified iron, but the maximum length of the yield was 0.1%
strain in hydrogen-purified iron as compared to 2.7¢% strain for zone-refined
iron. For hydrogen-purified iron, the yield strength was defined as the
stress at 0.1 offset.

*C, N and O contents of this iron were respectively 0.005, 0.001 and 0.031
per cent by weight.
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EXPERIMENTAL RESULTS

Delineation of Substructure

A special metallographic technique was developed to reveal substructure
in iron regardless of purity. ©Specimens were mechanically polished and
then electropolished in & stirred solution containing 65 parts of ortho-
phesphoric acid, 35 parts of ethyl alcohol end %5 parts water for 4 miniaes
et 1 volt D. C. It was discovered that an etchant developed by Gorsuch
for studying dislocations in iron whiskers revealed substructure by etching
the subboundaries and decorating them by preferentially depositing a thin
layer of copper at the dislocation wall. Toc avoid copper deposition over
the entire specimen, the etching time was limited to one second, end the
specimen was rinsed immediately under flowing water The composition of the
etchant was

2.5 gms picric acid

4.0 gms anh. cupric chloride
100 m* ethyl alcochol

10 ml hydrochloric acid

3 ml nitric acid

This etchant exhibits an orientation sensitivity, so that not el1] grains in
e polycrystalline specimen can be etched tc show substructure

In vacuum-melted electrolytic iren with a carbon concentration ~f about
5O ppm, a picral etchant satisfactorily reveals substructure and is not
rientation dependent, sllowing the npumber of grains containing substructure
0 be determined.

Characterization of Substructure

Tc explcore the effect c¢f the strain and recovery temperature on the
development of substructure in iron, a series of tensile specimens of vacuum-
melted and cast electrolytic iron and an iron-%.> chromium alloy (referred
to earlier) were prepared and recrystallized at 840°C for two hours For
electrolytic iron the resulting grain size was about 500 microns, and for
the iron-3.5" chromium allcy the erain size was about 250 microns Specimens
vere strained in tension different amounts in the range 5 to 10¢. Samples
were cut from the gage secticn and annealed one hour at various temperatures
in the range 500 to 8%5°C

Nc significent varietion in subgrain size in vacuum-melted electrolytic
ircn wes observed with strains from 5 to 10/ for constant annealing tempera-
ture. The subgrain size was approximately 1 to 2 microns for annealing at
500°C  Above 550°C partial recrystallization was observed and as the tempera-
ture wos increased to 800 C subgrain growth cccurred in the unrecrystallized
grains. Figure 1 shows typical substructures cbserved in electrolytic ironm.
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For the iron-3.6, chromium alloy, the substructure developed after anneal-
ing at 600°C was slightly finer, 0.5 to 1.5 micrors, than that observed in
iron and not quite as well defined. Agein, no dependency of subgrain size on
strain was observed within the ‘range of & to 107. As the annealing tempera-
ture was increased from 700 to 8355°C, partial recrystallizstion occurred and
subgrain growth was observed in the unrecrystallized matrix. Typical sube
structures observed in the iron-3.&% chromium alioy are shown in Figure 2.

Since no significant difference in subgrain size was cbserved in the range
of 6 to 109 strain in vacuum-melted electrolytic iron and iron-5.6ﬂ chromium, &
wider range of 5 to 30 strain was studied in as-received and in hydrogen-
purified, zcne-refined iron wire. In initial experiments with zone~refined
iron wire, the development of substructure wes evaluated for strains of 10
and 304 and annesling temperatures of 350, 450 and 500°C for 16 hours.

Figure 3 shows the progress of the development of substructure in the 30
specimen with increasing annealing temperature. Svbstructure appeared to

form directly in the slip traces. During annealing the slip traces appeared to
become more sharply defined and discrete cells became recognizable. In the 30%
specimen, the cell size remained essentially uncoarsened even after annealing
16 hours at 500°C. Thus, the picture obtained cf the nature of substructure

in érgn is a 'perfecting’ of the deformation structure (see also Ballll and
Keh™’7) In general, the degree of definition of substructure was hetero-
geneous throughout the polycrystalline specimens; in the same specimen sharply
defined cells were cbserved in some greins while other grains showed only slip
traces.

In this fine-grained iron, recrystallization occurred simultaneously with
the development of well~defined subgrains, and the specimens were largely
recrystallized before significant subgrain growth occurred. The subgrain size
was essentially independent of prestrain between 104 and 30, strain.

With 30% strain, recrystallization nucleation was observed after anneal-
ing 16 hours at 450°C. Substructure was best defined in the 30% specimen
annealed at 500 C, where considerable recrystallization had already occurred
elsewhere in the specimen. For the specimen strained 10%, higher annealing
temperatures were required to obtein a degree of definition comparable to the
30, specimen, but the subgrain size was approximately the same for the same
annealing temperature.

For subsequent study of the effect of substructure on flow strength of
the zone-refined iron and of hydrogen-purified, zone-refined iron, prestrains
of 5, 10, 15 and 25 were employed. To cbtain maximum recovery and subgrain
definition for this range of strain, without recrystallization, the specimens
were anneeled at 450°C for 4 hours. With this heat treatment, well-defined
substructures were observed in the strained specimens 15 and 25%. However,
in the specimens strained 5 and 10,, the substructure remained ill-defined
after this annealing treatment. Well-defined substructure was observed in
the 59 strain specimen only after annealing at 600°C, which brought about
concurrent recrystallizaetion nucleation.

The substructures observed in the hydrogen-treated and the nontreated

115



zone-refined irons were essentially identical for the same conditions of
strain and annealing below the recrystallization temperature.

Mechanical Properties

To evaluate the relative effects of interstitiel impurities and dislo-
cation substructures on flow strength, the tensile behavior of as-received
and hydrogen-purified zone-refined iron was studied after a series of strain
and recovery=-snneal treatments. Annealing temperature was varied from 200
to 600°C, and for most of the study the holding time was four hours. The
prestrain was varied from S to 25%. EKesults are tabulated in Table II for
hydrogen-purified iron and in Table III for zone-refined iron.

Hydrogen-purification of zone-refined iron has a major effect on the
stress-strain curve as shown in Figure 4, reducing the yield strength from
16000 to 6500 psi. As mentioned earlier, chemical analysis of these
materials showed that treatment in hydrogen had reduced the carbon by 6 ppm.
Over 50, uof the yield strength of annealed zone-refined iron is therefore
presumebly attributable to the interaction of interstitials with dislocations.
Hydrcgen-purification also decreased the ultimate strength, from about 31,600
to 28,000 psi, increased the elongation, and increased the reduction of area
at fracture (not reported in Tables II and III) from 53 to 69. It is of
interest that the zone-refined iron exhibited a sharp yield point, which
extended to 2.7 strain whereas after hydrogen purification yield points
less than 0.1¢ strain were observed.

Since yield strength date for single crystals of hydrogen-purified ircn
were available for the same test conditions from the work of H. H. Kranzlein'®’
it is possible to differentiate the factors contributing to the measured
strength of polycrystalline zone-refined iron. Figure S 1llustrates schemati-
cally the relative proportions of strengthening due to the intrinsic strength
of zone-refined iron (yield stress of a single crystel), due to grain boundary
strengthening, and due to interaction of interstitials with grein boundaries.
In Figure 5, line A represents the yield strength of polycrystalline zone-
refined iron, line B is the yield strength of polycrystalline, hydrogen-
purified, zone-refined iron of the same grain size, and line C is the yield
strength of a hydrogen-purified, zone-refined iron single crystal.* As can
be noted from the figure, the effect of grain boundaries on strength at low
interstitial concentrstions is relatively small. 1In addition, no effect on
strength was observed when unstrained specimens were annealed at temperatures
up to 550 C as is indicated by the figure.

‘The yield strength of the single crystals did not vary appreciably with
orientation within the range examined?2, owing presumably to the multiplicity
cf possible slip systems in iron.
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After straining followed by anneeling within the recovery range,
hydrogen-purified iron exhibited a continuous decrease in yield strength
with increesing temperature, as shown in Figure 6. Velues for percentage
recovery are civen in Table IV. Even at 200°C where large increases in
strength due to strain aging are observed for many irons and steels, more
than 5. recovery was observed for the purified material that had been
strained 5.. At 450°C, the maximum recovery temperature possitle while
avoiding recrystallization nucleation following 25% strain, the recovered
yield strength was a function of prestrain, as shown in Figure 7, and was
about 30 less than the prestrain stress. It is interesting that the ultimate
tensile strength of the hydrogen-purified material remained essentially fixed
throughout these annealing treatments (Table IT and Fig. 12).

In contrast to the hydrogen-purified iron, a strong interstitiel dislo-
cation interaction (strain-aging) was observed in zone-refined iron after the
strain-anneal treatments, as shown in Figure 8. After prestraining 5% and
annealing at 200°C, the yield strength was 40; greater than the flow stress
for % strain. For prestrains of 10, 15 and 25 the percentages of strein -
aging (at 200°C) were 29, 24, and 18! respectively. The observed strain-
aging was also reflected in an increase in ultimate tensile strength (Table II
and Fig. 12).

If the data for hydrogen-purified iron are taken as a base, it is possible
to separate, for a given prestrain and annealing temperature, the portion of
strengthening due to interstitial-dislocation interaction from that intrinsic
in iron. Table V presents values for the "inherent strength" and for the
interaction strength obtained in this manner for zone-refined iron. Further
lowering of carbon could be expected only to lower the inherent strength;
hence the interaction strengths of Table V are minimal.

Figures 9 and 10 illustrate graphically the intrinsic strength, and
dislocation-interstitial interaction strengthening of zone-refined iron after
straining 5 and 10 and annealing. Although the contribution to the strength
of zone-refined iron by interaction is reduced by anneeling at the higher
temperatures, this factor is still a major fraction of the strength cbserved
at the highest temperature studied. As shown in Figure 11, the yield
strengths of the 5 and 10, specimens after annealing at 450°C were still
slightly greater than the prestrain stresses. For this same annealing tempera-
ture, the yield strengths of the 15 and 25% specimens were slightly less than
their prestrain stresses. The levelling mey be explained in terms of the
saturation of interaction strengthening due to insufficient interstitial
impurities, the relatively small effect of unpinned dislocations on strength,
and to faster recovery at higher strains.

The variation with prestrain of ultimate tensile strength of the zone-
refined and hydrogen-purified irons is shown in Fig. 12 for several annealing
temperatures. Unfortunately date are not avaeilable for large prestrains and
annealing temperatures of 200 and 550°C for the hydrogen-purified iron. Also
the datum for this iron for the prestrain of 10% and annealing at 200°C
represents 1 hour, rather than 4 hours, as d> the other data. However, it is
reagonable to assume no difference in yleld strength for 1 to 4 hours.
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(See e.g. date in Table III for 1 and 4 hours at 200°C for zone-refined iron)

Discussion of Results

Investigators have generally tended to overlook the possibility of "strain
aging" in iron after higher temperature anneals (above perhaps 300°C). In some
cases, the high yleld strength observed after annealing just below the
recrystallization temperature in iron has been attributed to the formation of
substructure!. However, the present results suggest that important inter-
stitial-dislocation interaction strengthening may persist in iron to relatively
high temperatures (see e.g. Fig. 9) Moreover, the present results as well as
other results reported in the literature have shown that the sharpening of sub-
structure in iron by recovery annealing results in & decreese in strength.

This has been shown in the present investigation by two irons which with
similar substructures but different interstitial impurity contents show com-
pletely opposite behaviors. For hydrogen-purified iron, recovery of yileld
strength was observed after prestrain anneal treatments, moreover, no
increase in the ultiuate strength was observed. However, for as-received
zone-refined iron, identical pre-treatments resulted in substantial increases
in both the yield strength and the ultimate strength. Thus, the ultimate
tensile strength of the zone-refined iron was increased from 31,600 to 38,200
psi by prestr.ining, 10-25%, followed by heating at 200°C.

The mechanical behavior of iron containing interstitial impurities after
prestrain and annealing treatments must be considered as the net result of two
processes. When a strained spec¢ -n is annealed below the recrystallization
temperature, recovery occurs by the straightening, annihilation and rearrange-
ment of dislocations and vacancies. With increasing prestrain, the cells
became more sharply defined even for room temperature deformation.13
Increasing the annealing temperature causes sharpening and perfecting of the
cell structure developed during deformetion. However, in polycrystalline
iron, recrystallization begins before significant subgrein growth can be
cbtained throughout the entire specimen. The formation of well-defined sub-
structures by annealing is associated with a decrease in strength. Con-
current with recovery, interstitial impurity atoms essociate with the new
dislocations introduced by the straining, with a resultant strengthening*.

The net effect of the sonftening and strengthening processes may be
expected to depend upon the dislocation density, the concentration of inter-
stitial impurities, and the anneeling tencerature The present results show
that interaction strengthening is greatest at about 200°C, but that inter-
action makes an important contribution to flow strength, even for fairly high
ennealing temperatures. Furthermore, it is unjustified to lock upon the for-
mation of substructure, in the absence of impurity interactions, as causing
strengthening. To the contrary, as the substructure becomes ''perfected", flow
strength progressively decreases.

*The nature of the association is presumsbly that of the Cottrell "cloud" at
low annesling temperatures'4, but might be one of precipitate particles at
high annealing temperatures.

118



It is of interest that the analysis of the zone-refined iron before end
after treatment in pure wet hydrogen showed that the carbon content had been
reduced from 19 to 13 ppm. It is difficult to understand how such a
reduction could cause such large change in the flow curve of the annealed
iron, as well as change in the response to recovery anneeling

That polygonization boundaries do not provide an important strengthen-
ing influence in the absence of interstitial impurities is also suggested by
the results of a related research program concerned with the influence of
grain size on the flow strength of the same materials, some results of which
are summarized in the Petch type of plot, Figure 13 The slope of the plot
~f yield strength at room temperature versus the reciprocal cf the square
root of the grgin size for the hvdrogen-purified iron of the present study
(0.381 Kg mm~3/2) is the lowest of which we are aware in published litera-
ture, whereas, complex interaction is indicated in the non-hydrogen-tirested
iron. If large angle boundaries have so little effect on strength of iron
(see also Fig. 5) it seems unreasoneble to expect a small angle polygoni-
zetion boundary to be an important barrier.

It also seems noteworthy that the yield strength of single crystal iron
does not appear to be substantially different for the hydrogen-purified
naterial or the unpurified material, suggesting that the interaction of
interstitials with randomly dispersed dislocations at least in the densities
prevalent in the materials of this study is not an important strengthening
influence, in contrast to the situation as regards either small or large
angle dislocation boundaries.
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10.

SUMMARY

Subgrain size produced in highepurity iron by recovery annealing is
essentially independent of tensile prestrain within the range 5 to 30
per cent strain.

Substructure eppeared to develop along markings that formed during
deformation, and sharpened with increase of annealing temperature.

The substructures observed in the hydrogen treated and the non-hydrogen
treated irons were essentially identical for the same strain and anneal -
ing conditions.

No appreciasble growth of subgrains was observed until annealing temper-
atures causing partiel recrystallization were reached, whereupon
coarsening occurred.

The subgrain size for annealing temperatures not causing coarsening was
about 1 to 2 microns.

A large fraction of the flow strength of the recrystallized, zone=-refined
iron of this investigation is attributable to interactiou between inter-
stitial impurity atoms and grain boundaries.

Considerable strengthening attributable to interstitial substructure
interaction was observed in zone-refined iron containing 19 ppm of carbon,
by analysis, when plastically strained and annealed in the recovery range.

Zone-refined iron in which carbon had been reduced from 19 to 13 ppm by
treatment in wet hydrogen, showed progressive softening on annealing after
plastic straining, even though the substructure appeared to be identical
with that of iron not treated in hydrogen.

The rearrangement of dislocations into inereasingly perfect subgreins by
annealing in the recovery range results in a progressive decrease of yield
strength from the level reached during prestraining, when the interstitial
content i1s reduced to low level, leading to the conclusion that substruce
ture does not meke an important contribution to the strength of iron in
the absence of interstitial-dislocation interactions. This conclusion is
supported by the observation that the yield strength of the hydrogen
treated iron is not greatly different in the mono- and polycrystalline
conditions, indiecating that large angle boundaries are not important
barriers.

The similarity in strength of single crystals of zone-refined iron,
whether hydrogen-purified or not, suggests that interaction of inter-
stitial impurity atoms with dispersed dislocations is not an important
strengthening influence for the dislocation densities and interstitial
contents here studied.
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11. The present results suggest that studies of recovery of ircn, after i
plastic deformation are likely to be confused by interstitial-dislocation
interactions.
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TABLE I
ANALYSIS OF ZONE-REFINED IRON
(As reported by Battelle Memorial Institute)

Amounts are given as parts per million
(1 ppm equals 0.0001 per cent)

Aluminum 15 Megnesium
Antimony 5 ND (e) Manganese
Argsenic 10 ND Molybdenum
Beryllium 0.2 Nickel
Boron S Nitrogen
Calcium 10 ND Oxygen
Cadmiun 5 ND Phosphorus
Carbon 10 Silicon
Chromium 5 Sulfur
Cobalt 1l Tin
Copper 2 Titanium
Hydrogen 2 Tungsten
Lead 1ND Vanadium
Zine
Zirconium

(a) ND means not detected. Detection limits are given.

0.5
5 ND

17

10

5 ND
0.5 ¥D
10 ND
1 ND
10 XD
0.5 ND



Prestrain Initial Prestrain

LY

L.9
5.0
5.0
5.0
b.9
5.1
10.0
9.8
9.9
14.9
15.0
24.8
23.0

Yield
Strength
psi

6400
6500
7500
7000
6700
6800
7500
7000
6500
7100
6600
6700
6600
6400
6600

TABLE II

EFFECT OF PRESTRAIN-ANNEAL TREATMENTS

ON THE MECHANICAL PROPERTIES OF

Stress

psi

18,900
18,700
18,600
19,100
19,400
18,900
22,900
22,700
23,200
25,300
25,200
27,000
26,800

HYDROGEN-PURIFIED IRON

Annealing

Temp.
°C

200
200
450
4so
550
550
200
450
450
450
450
450
450

Time
hr

F FFFFERP R EEEEE
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Recovered

Yield

Strength
psi

17,900
18,100
14,800
15,600
14,700
14,000
22,100
17,600
17,700
19,200
19,100
19,900
20,500

Ultimate
Strength

psi

28,300
27,600
25,500
26,400
27,800
28,100
27,600
27,500
27,500
26,500
27,500
26,700
27,000
26,400
27,900

Total
Elongation

%

51.6
48.0
19.5
23.4
55.T
53.6
38.0
36.4
kr.2
47.1
53.9
k9.6
51.9
33.4
571



Prestrain Initial
Yield
, Strength
P psi
0 13,700
o 15,900
4.8 14,000
ko 13,700
5.0 14,000
5.0 14,000
4.9 14,000
5.0 14,000
4.9 14,400
5.0 13,700
9.6 15,300
9.7 17,300
9.9 13,800
9.7 13,800
14.8 15,000
14.8 14,000
14.7 14,500
24.6 16,100
24.6 14,000
24.8 13,800

TABLE III

EFFECT OF PRESTRAIN-ANNEAL TREATMENTS

ON THE MECHANICAL PROPERTIES OF

Prestrain
Stress

psi

20,600
20,300
20,300
19,800
20,100
20, 000
20,100
20,300
27,200
27,100
25,200
26,000
29,200
28,100
28,100
32,000
29,100
29,200

*Failed at the grip.

ZONE-REFINED IRON

Annealing

Temp.
°C

200
200
450
450
550
550
600
600
200
200
450
450
200
450
450
200
450
450

Time
hr.

F R EE R RN EFEEEEFEF
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Recovered

Yield

Stress
psi

28,900
28, 000
23,300
22,500
21,100
20,600
19,600
19,100
34,100
34,700
26,500
27,300
36,200
27,000
28,600
37,800
27,800
28,300

Ultimate
Strength

psi

31,300
31,900
33,800
31,900
32,300
31,700
30,900
30,700

38,100,
38,400
33,300
33,500
38,800
32,900
33,100
38,300
31,600
31,600

Total
Elongation

%

ko.s
35.8
36.3
35.9
36.4
3.7
29.7
37.5

8.5
28.8
31.6
36.2
29.4
3k.9
28.8
32.9
Lo.4
35.1



TABLE IV
FLOW-STRESS RECOVERY OF HYDROGEN~-PURIFIED IRON

Prestrain Anneeling Recovery of
Temp. Time Flow Stress
°c hr.

L.9 200 4 8.8

5.0 200 L 5.3

5.0 450 b 31.9

5.0 450 L 28.4

4.9 550 b 395

5.1 550 L 1.2

10.0 200 1 k.9

9.8 k50 N 32.7

9.9 450 4 33.1

14.9 450 I 32.8

15.0 450 i 32.8

24.8 k50 h 3h.7

23.0 450 L 31.2
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TABLE V
Analysis of Strength of
Zone~Refined Iron

Prestrain 200°C Anneal 450°C Anneal
Inherent Interaction Inherent Interaction
Strength* Strength Strength* Strength
6 psi psi psi psi
10 22,100 12,600 17,600 9,300
15 19,200 8,500
25 20,200 7,800

*The "inherent" strength is here taken as the sum of the single crystsl
strength, and the grain boundary and residual strsin hardening contribu-
tions, &ll meagured for the hydrogen-purified material.
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©% strain 6% strain
600°C-1Ihr. 800°C-I|hr.

Substructure in vacuum-melted electro-
lytic iron; Gorsuch etchant; x I000

Fig. |
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8% strain

6% strain
600°C -l hr

775°C-Ihr

Substructure in vacuum-melted

iron-3.6 % chromium alloy
Gorsuch etchant ; x I000

.
9

Fig. 2
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350°C 16 hrs

As strained

500°C I6hrs

Substructure development in zone refined

Gorsuch etchant

in

30 % stra

iron

.

x 1000
Fig. 3
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Engineering Stress, 1000 psi

35F

a Zone refined iron
o Hydrogen purified iron
10K Grain size 80-100 microns
:- Strengthening attributed
P to interstitial impurities.
5 —
| | | | [
o) 10 20 30 40 50

Figure 4.

Engineering Strain, per cent

Stress—strain behavior of high-purity iron.
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Figure 5 Analysis of the

yield strength of

zone refined iron.
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Figure 6 Effect of straining and annealing on yield

strength.
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Figure9. Analysis of yield strength of zone refined
iron after strain-anneal treatments
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Figure 10. Analysis of yield strength of zone
refined iron after strain-anneal
treatments.
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Ultimate Tensile Strength,lO0O0 psi
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Zome Observations on the Development of
Deformat Substructure Zone~ s

J. T. Michalak and L. J, Cuddy
Edgar C, Bain Laboratory for Fundamental Research
United States Steel Corporation Research Center
Monroeville, Pennsylvania

Abstract

The development of the deformation sub-
structure of zone-refined iron is similar to that
observed for less pure vacuum-melted iron. Quali-
tative differences with increased purity are noted
and are associated with a decrease in the dislocation
sources and the necessity for cross-slip. Evidence
is presented to show that, in the purest iron
investigated, dislocation movement in the foil pre-
pared for transmission electron microscopy is quite
unrestricted and that the observed structures may
not be typical of the dislocation density and
distribution in the bulk.
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Introduction

The importance of the substructure developed during plastic
deformation of a body-centered-cubic metal cannot pe denied. Keh (1)
and Keh and Weissmann (2) have established experimentally a direct correla-
tion of the dislocation density and distribution with the flow behavior of
iron at 25 and -78°C., The relation between deformation substructure and
mechanical properties of tantalum (3) and niobium (4) will be presented
later in this Symposium. The role of substructure in recovery and
recrystallization of iron and silicon-iron has been discussed by Leslie
et al (5), Hu (6), and Walter (7). Substructure effects on strain aging
in body-centered-cubic metals have been reviewed by Keh and Leslie (8),
and by Rosenfield and Owen (9). The relations between substructure and
precipitation phenomena are reviewed in other presentations of this
Symposium (4,10).

A,

The subject of this paper is the development of substructure
during plastic deformation. Keh and Weissmann (2) have summarized the
studies on the deformation substructure in body-centered-cubic metals and
concluded that the dislocation structures of all of those investigated,
which included iron, molybdenum, tungsten, tantalum and niobium, were
similar. Dislocations were kinked and nonuniformly distributed in the
early stage of deformation. As the amount of deformation was increased
the distribution became more nonuniform and a cell structure was developed,
This sequence of events is shown in Fig., 1. The walls of the cells are
tangles of dislocations. For iron, the dislocation density was found to
increase linearly with strain, and at a constant strain, to be independent
of the deformation temperature below the temperature of recovery. The
dislocation distribution in iron, however, was found to be temperature
dependents the distribution was more uniform and the tendency to form
cells was decreased as the temperature of deformation was lowered. Keh
and Weissmann (2) also showed that the relation between the dislocation
density and the flow stress of iron wass

0; = 0, + 0.17 Gin; (1)

where g¢ is the flow stress, g, is the frictional stress, G is the shear
modulus (=7.8x§03kg/hm2), b is the Burgers vector of the slip dislocation
in iron (=2.5 K), and Ng is the dislocation density in the tangled regions.
The change of the dislocation distribution with temperature, that is,

the change in density within the tangles, accounts for the difference in
flow behavior at different temperatures. Finally, it was observed that the
dislocation density was dependent on grain sizej; a fine-grained iron
exhibits a higher density of dislocations than does a coarse-grained iron
strained to the same extent.
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Materjals and Experimental Procedure

The zone-refinad iron and Fe-Mn alloy that have been studied by the
present authors are listed in Table I, together with the method of purifica-
tion and the final grain size obtained after cold work and recrystallization,
In Table II the nominal content of carbon, nitrogen, hydrogen and oxygen
is given in parts per million, All the materials were deformed in tension
in bulk form and then thinned by electrolytic polishing to a final thickness
suitable for examination by transmission electron microscopy.

Resgu jscus n

A. _Stress-Strain Behavior

The stress-strain curves for the polycrystalline, high-purity -
irons at several temperatures are given in Figs. 2-4, The results of tests
at 25°C shown in Fig, 2 indicate that for the same grain size, there is not
much difference in the tensile deformation of two irons of different over-
all purity. Reference to Table I indicates that iron B-3 had ten zone-
refining passes compared to iron B-13 which received only one pass. It
would be expected that the B-3 iron is the purer material, and although
mechanical tests at 25°C do not support this, other differences in the
behavior of these two irons do suggest that iron B-3 has less overall
impurity. In processing these irons to a fine-grained aggregate from the
zone-refined condition it was found that, after the same conditions of cold-
rolling, iron B-13 required a recrystallization anneal at 650°C to produce
a completely recrystallized uniform grain size of 43y whereas iron B-3
could be recrystallized in the same time to the same uniform grain size
=t 6000C., The effects of small amounts of impurities on the recrystallization
of iron have been investigated (11-13),and it has been observed that the
purer the iron the lower the recrystallization temperature, It would appear,
then, that room temperature tensile tests are not a reliable basis for
evaluating the purity of iron. The lower stress levels of iron S-1, which
is the least pure material on the basis of method of purification, can be
accounted for by the larger grains in this iron, compared to the other two.

It will be noted from Fig. 3 that at -78°C a rather pronounced
yield point drop becomes evident and that the rate of strain-hardening has
decreased compared to room temperature tests. The pronounced yield point of
the irons is a manifestation of an increased binding between interstitial atoms
and potential dislocation sources as a result of a decrease in temperature,
The increased yield point drop is not associated with a tearing away of
dislocations from impurity atmospheres of increased binding, but rather with
the decrease in the number of active sources of dislocations resulting
from the increased binding. Keh and Weissmann (2) have suggested that the
change in strain-hardening behavior with a change in temperature is associated
with differences in the dislocation distribution during deformation at dif-
ferent temperatures. Although the average dislocation density is independent
of test temperature, the dislocation distribution becomes more uniform as
the temperature is decreased, Since the rate of work-hardening depends on

143



the density of dislocations within the tangled regions of the cell walls

the more uniform distribution of dislocations results in a decreased rate of
work hardening. The lower stress level and lack of a Llders extension for
iron S-1 is most probably a result of the larger grain size of this
material.

The results of a temperature change during tests for iron B-3 are
also shown in Fig. 3. They are consistent with the interpretation of Keh (1),
He proposed that if a nonuniform distribution of dislocations is established
by deformation at some temperature, then on subsequent testing at a lower
temperature, characterized by a more uniform distribution, the flow stress
at the lower temperature is greater than it would be if the specimen were
strained to the same extent at the lower temperature only. The curvature of
the stress-strain curve at the beginning of deformation at -78°C, after a
prestrain at 25°C, makes it difficult to establish a well-defined initial
flow stress at -780C, but as can be seen, the flow stress at increasing
strain rises above that for deformation only at -78°C, and the difference
increases slightly with increased amount of prestrain at 25°C. As will be
noted later, a strain of 3.75% at 25°C does not develop a gross nonuniform
distribution of dislocations so that only a small difference in flow stress
might be expected on subsequent straining at -780C. Straining 7.5% at 25°C
does develop some cell structure and a more nonuniform distribution so that
continued deformation at -780C results in the observed increase in flow
stress.

Iron B-3 was the only high-purity iron which exhibited any plastic
deformation at ~196°9C, and the results of testing at this temperature are
shown in Fig. 4. 1Irons B-13 and S-1 falled predominantly by intergranular
fracture at -1960C at stress levels of about 45-55 kg/mm<,

Curve A in Fig. 4 represents the stress-strain behavior of iron
B-3 deformed only at -196°C. Considerable twinning, as well as slip, was
evident only during the LUders extension. The LlUders extension in Fig, 4
is shown as a smooth line only for convenience. Fig. 5 is a light micro-
graph from a specimen, strained at -196°C, in which the LlUders front was
allowed to pass through only about one-half of the gauge section. It is
apparent from Fig. 3 and Fig. 4 that the rate of strain hardening, after
the Llders strain, is greater at -196°C than at -78°C, indicating a
minimum in the temperature dependence of the rate of strain-hardening and
a possible change in the mechanism of deformation at very low temperatures.
A similar behavior has been observed by Keh and Weissmann (2).

Curves B, C and D of Fig. 4 are stress-strain curves at -196°C
after a prestrain at 259C of 0.75, 1.9 and 7.5% respectively. The prestrain
at 259C has eliminated completely the formation of twins at -196°C and,
contrary to tests between 25 and -780C, the flow stress at -196°C, after
prestrain at 250C, has not been increased above that for deformation only
at -196°C. This observation also suggests a change in the mechanism of
deformation as the temperature of deformation is decreased. This change in
mechanism may be closely related to several observed factorss (a) the active

144




slip plane in iron becomes more restricted to the {110} planes (14) as

the temperature is decreaseds (b) the temperature dependence of the stress-
velocity telationship for edge dislocations is greater for {112 planes
than for {110} planes (15)3 (c) cross-slip of the screw dislocations
becomes more difficult as the temperature is decreased (1,2).

B, Dis]ocation Sources

Before considering development of the deformation substructure
it is necessary to establish what major source or sources of dislocations
exist in the material prior to deformation. The sources of dislocations in
any metal ares (a) random matrix dislocations, (b) the interfaces between
the matrix and second-phase particles, (c) subboundaries within the grains,
and (d) the grain boundaries. The random matrix dislocations which are
not of the Frank-Read source type and which are not immobilized by impurity
atmospheres w.1l generate dislocations by the double cross slip mechanism (16),
as has been shown by Low and Guard (17). The generation of dislocations at an
inclusion-matrix interface under an applied stress has been reported (5,18).
The formation of well-defined cell walls, after only light deformation, as a
result of interaction of dislocations generated from closely spaced particles
is illustrated in Fig. 6 from the work of Leslie, et al (5). Li (19) has
considered the theoretical aspects of subboundary and grain boundary sourcesj
Hornbogen (20) and Keh (1) have reported experimental evidence for sub-
boundary and grain boundary sources., An example of dislocations originating
from a grain boundary in an Fe-1.78 wt.% P alloy is shown in Fig. 7.

In fully recrystallized high-purity iron it has been observed
that the number of second phase particles and subboundaries is so small
as to be inconsequential as effective sources of dislocations., Likewise,
the density of random dislocations, as measured by transmission electron
microscopy and an X-ray technique discussed by Weissmann (21), is low and
of the order of 106/cm . Fig. 8 is a typical electron transmission micro-
graph of recrystallized high-purity iron illustrating this low dislocation
density. Observations of dislocation loops emanating from grain bound-
aries (20), the "hairy" appearance of grain boundaries and the formation of
irregular dislocation networks adjacent to the boundaries (1) after small
deformations suggest that the grain boundaries and not the random matrix
dislocations are the primary source of dislocations in high-purity iron,
Li (19) has postulated that grain boundary ledges (or jogs) are the source
of dislocations in the grain boundary. An example of the generation of a
dislocation from a grain boundary ledge is shown in Fig. 9. The strain
field of the ledge is shown only in one grain, although it could exist in
both grains, It should be noted that this type of source is not a disloca-
tion mill of the Frank-Read type which is capable of continuous generation,
The grain boundary ledge is only a "donor" of dislocations and subsequent
generation of dislocations within the grain can take place by the double
cross-slip mechanism, According to Li's correlation between the density of
grain boundary ledges and the Hall-Petch (22) slope, the decarburized Swedish
iron studied by Codd and Petch (23) would have a ledge density of about
8x10% cm of ledge per cm?2 of grain boundary area. For a grain size of 100
this would mean approximately 240 cm of ledge per grain, whereas the

145




nominal dislocation density within the grain of 106 cm/cm3 provides about
0.5 cm of dislocation line within the grain, It is not unreasonable, then,
that the primary source of dislocations is the ledges in the grain
boundaries. Fig. 10 illustrates that ledges do in fact exist in the grain
boundaries of a well annealed high-purity iron. The density of ladges in
this micrograph is about 8x104/cm, a factor of ten less than that calculated
for the Codd and Petch iron. A lower density of grain boundary ledges in a
purer material is consistent with Li's analysis of the effect of impurities
on the density of grain boundary ledges.

The micrographs of Fig. 11 illustrate the dislocation arrangements
near grain boundaries in a sample strained 0.375% at 250C, Fig., lla is the
arrangement near a boundary away from grain boundary junctions. It is
characterized by few dislocation intersections. Fig. 10b shows that near
a grain boundary junction there are more dislocations and more interactions
due to the stress concentration at the junction. Occasionally a severe
tangle can be found emanating from a grain boundary junction or from a
region of change in orientation of the boundary, such as in Fig. 12,

C., Formatjion of Dislocatjon Tangles and Cell Structure
le Genera)l Features

The change in dislocation density and distribution with increasing
strain for jiron S-1 is qualitatively similar to the changes in the less pure
vacuum-melted iron previously reported (2). 1In the early stage of deforma-
tion the dislocations are generally kinked and nonuniformly distributeds
as the amount of strain is increased, the distribution becomes more nonuni-
form, dislocation tangles are formed and finally a cell structure is developed.
This sequence of events for iron S-1 is illustrated in Figs. 13 and 14, The
deformation substructure in the higher purity iron is characterized by the more
frequent observation of unkinked dislocations in areas removed from tangles,
fewer tangles and less severe tangling at small amounts of strain as shown in
Fig. 13a. The increased purity of the iron has reduced the tendency for
the formation of jogs by reducing the interaction of dislocations with point
defects (24), or by reducing the necessity for cross-slip of dislocations (25).
The somewhat parallel arrangements of these unjogged dislocations would
suggest that cross-slip, the more likely mechanism of jog formation, is
reduced. This is probable, since the barriers which necessitate the cross-
slip of dislocations are reduced with increased purity. Keh and Weissmann (2)
have concluded that tangle formation is the result of interaction of disloca-
tions of a secondary slip system with the jogs formed on primary slip dis-
locations by the cross-slip mechanism. The observation of fewer and less
severe tangles is consistent with a reduction in density of interaction
sites, the jogs, and a reduction in the density of grain boundary sources.
Tangles may form by direct interaction of slip dislocations of two systems
without the requirement of jog formation. In this case, the initial tangle
is expected to consist of a rather regular network of dislocations. The
arrangement could be a crossed grid (26) or an hexagonal network as observed
in molybdenum (27). The hexagonal network arises from the dislocation
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reaction

2 (1] + 2 [111) = a [1200]

Regular networks in individual tangles and cell walls have not been observed
frequently in an as-strained vacuum melted iron, but they seem to be a
commoni feature in the higher purity material, as can be seen in Fig. 13a

and Fig., 15. The frequency of observation of these fairly regular networks
in the tangles and in the cell walls developed from tangles indicates that
interaction of dislocations on at least two slip systems 1s necessary for
tangle formation and the development of the cell structure.

The zone axis of the possible crystallographic planes of a cell
wall may be determined by means of selected-area diffraction and single-
surface trace analysis. The zone axis is that crystallographic direction,
in the plane of the foil, which is parallel to the trace of the cell wall
in te plane of the foil. With very few exceptions, at least one of the
planes of the zone has been of the {110}, {112} or {123} type. No other
low-index planes have shown such a trend or occurred with the same fre-
quency, This result strongly suggests that the plane of the cell wall
in iron is then {110}, {112} or i123}. The development of cell walls on
these planes could be the result of the interaction of the dislocations of
two slip systems to form the initial tangles on these planes or the result
of cooperative motion of the tangles leading to alignment in the slip
planes (2,28).

The development of deformation substructure in iron B-13 is
similar to that in iron S-1. Lesser amounts of strain to produce a com-
parable structure were required since the grain size of B-13 was smaller.

The ten-pass zone-refined iron B-3 has presented two serious
experimental difficulties which hinder study of this material by electron
transmission microscopy. The production of usable thin foils has been
spoladiv and their preparation has required precise control of composition
of polishing solution and polishing conditions., The more serious dif-
ficulty has been a decrease in the density of dislocations and an almost
certain rearrangement as a result of the thinning operation. An excessive
amount of dislocation motion, not typical of less pure iron, has been noted
during examination of foils in the microscope. Fig, 16 is an illustration
of the degree of movement of dislocations in foils of iron B-3. The
variation of dislocation density and distribution in this iron is consider-
ably more than normally encountered in this type of study. Irons S-1 and
B-13 did not show such a large variation and the structures observed in
these irons can be considered "typical®. The inconsistency of the
deformation substructure in a foil of B-3, as shown in Fig. 17, makes it
difficult to define any single structure as typical of this material. For
the purpose of discussion, the typical unaltered structure of this iron
after deformation will be considered as that structure with the greatest
dislocation density, the most severe tangles and the best developed cell
structure., The change in deformation substructure with increasing strain
for iron B-3 is shown in Figs., 18 and 19. A signi‘‘cant degree of tangling
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and cell formation is accomplished only after about 5% strain at roomtemperature.
Anappreciablechangeintheflowstressat—78°c,afterprestrainatroom
temperature, would not be expected for prestrains less than about 5%, in
agreem:nt with the tensile test results given in Fig. 3. Comparison

with the structures of iron $-1, in Figs. 13 and 14, indicates that the
distribution of dislocations is more uniform and the cell structure not as
well developed in iron B-3, The limiting cell size for the vacuum-melted
iron was l.5p whereas in this investigation the limiting cell size increases
somewhat with increasing purity from 2u for S-1 and B-13 to dout 2.5y for
B-3. As the purity increases, the density of grain boundary ledge sources
decreases and the necessity for cross-slip decreases. A decrease in these
two factors leads necessarily to a decreased dislocation density, fewer

and less severe tangles, and consequently a laraer cell structure with a
more regular distribution of dislocations within the cell walls. Dynamic
recovery at room temperature in the purer irons could also result in a
larger cell size with cell walls of somewhat regular networks of disloca-
tions.

. Effec Deformation Temperature on the D cation tributio

As previously reported (2), the tendency for cell formation becomes
less and the dislocation distribution becomes more uniform for a given
strain as the temperature of deformation is decreased. The dislocation
structures of iron S-1 deformed at 25 and -789C to about the same strain
are shown in Fig. 20. The dislocation distribution at -78°C is considerably
more uniform and the dislocations are more uniformly kinked than at 25°C.
This structure has been explained on the basis of more frequent cross slip,
but over smaller distances than at room temperature (2). Figs. 21 and 22
illustrate that the same temperature effect on the distribution of disloca-
tions is present in iron B-3. In this iron, however, the dislocations
formed by low temperature deformation do not appear to be severely kinked as
in iron S-1, nor as uniformly distributed, and occurrence of loose tangles
is also more frequent, These observations are consistent with dislocation
movement, resulting from the thinning operation. Such movement could cause a
decrease in the density of jogs on the dislocations and rearrangement of
a uniform distribution to a less uniform distribution.

The dislocation structures developed in iron B-3 by deformation at
-1960C are shown in Fig. 23, The distribution is much more uniform consisting
of at least two sets of parallel dislocationss tangles are not formed up to
the point of fracture of this iron at about 148 strain. The curvatures at
dislocation intersections, such as shown in Fig. 24, suggest that possibly
three slip systems were active in this particular grain. Two of the sets
of dislocations have the same Burgers vector and at the point of intersection
there is mutual annihilation and a rounding off of the intersection point,
as indicated in area A in Fig. 24, The third set of parallel dislocations
has a different Burgers vector, such that there is interaction to form an
a[uxﬂ segment at the point of intersection. 1In this case, the sharp points
of the dislocation interaction remain, and examination of Fig. 24 reveals
that the a [100] segments have two directions as is expected, This inter-
action is noted at points B and C in Fig., 24.
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3, Effect of Strain Rate on the slocation Distribution

The effect of increasing the strain rate of deformation is analogous
to decreasing the temperature of deformation, that is, the tendency for cell
formation becomes less pronounced and the dislocation distribution becomes
more uniform for a given strain as the strain rate is increased., The degree
of change in dislocation distribution with a change in strain rate is not
as marked as for a change in temperature., Differences are most apparent at
small amounts of deformation and for changes in strain rate of several
orders of magnitude. Fig. 25 illustrates the difference in dislocation
distribution in iron $-1 strained 2.5% at strain rates of 2.5x1077 sec~1 and
1.25x10-2 sec~l, These structures may also be compared with that shown in
Fig. 13a. ih*dynamic th=ory of yielding proposed by Johnston and Gilman (29)
requires either an increase in the number of mobile dislocations or an increase
in the average velocity of dislocations to accommodate an increase in strain
rate. The more uniform distribution of dislocations could be accomplished
by an increase in the amount of cross-slip to increase the number of mobile
dislocatione >r an increase in the vebcity of the edge components of disloca-
tions relative to the velocity of the screw components. The latter would
result in mainly screw dislocations being left in the structure. Since the
densities of dislocations are not very different, as is also the case for
low temperature deformation (2), it may be assumed that the uniform distri-
bution is more likely the result of an increase in the velocity of edge
dislocations.

As the amount of strain is increased the differences due to
strain rate become less apparent and a well developed cell structure is
formed.

4. Effects of Alloying on Dislocation Distribution

The influence of alloy additions on the dislocation arrangements in
iron has not received much study except for iron-silicon (30), iron-
phosphorus (20), and iron-manganese (5) alloys. in the first two cases the
zffect of alloy addition was to decrease the tendency for cell formation and
to produce a more uniform distribution of dislocations. The effect is
analogous to lowering the temperature or increasing the strain rate of
deformation. It is well known that silicon and phosphorus are very pro-
nounced solid-solution strengtheners and substantially increase the tendency
for mechanical twinning. Manganese is not nearly as potent a solid-solution
strengthener and has been reported (5) to result in a less uniform distribu-
tion of dislocations and to increase the tendency for cell formation at
room temperature, as shown in Fig. 26. An increase in alloy content would
result in an increase in grain boundary sources thus leading to increased
dislocation density and enhanced cell formation. The differences in dislo-
cation distribution for different alloy additions cannot be explained solely
on changes on the density of grain boundary sources. In the case of silicon
or phosphorus additions the random distribution has been attributed to a
decreased mobility of the dislocations and, in particular, a greater decrease
in the mobility of screw components. The decrease could be the result of
an increased frictional stress or an increase in the density of vacancies which
might interact with the screw dislocations to form jogs. The addition of
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0.6 wt.$ manganese apparently does not markedly influence the relative
mobilities of the edge and screw dislocations and therefore the distribution
of dislocations does not tend to be random. The effect of manganese,
therefore, is primarily to increase the average density for a given strain
by increasing the density of grain boundary sources. The binding effect

of manganese on these sources is small since the difference in yield

stress of pure iron and iron-0.6 wt.% manganese is not large (5).

The increased tendency for retention of a nonuniform distribution
and the formation of tangles and cell walls in the manganese alloy is also
observed at lower temperatures or increased strain rates. This may be
seen by comparison of Fig. 27a with Fig. 20b and Fig. 27b with Fig. 25b.

4., Summary

1. The development of deformation substructure in zone-refined
iron is similar to that reported for vacuum-melted iron and other body-
centered cubic metals.

2. The primary effect of increased purity is to decrease the
density of grain boundary sources and to decrease the necessity for cross-
slip. This results in fewer and less severe tangles of dislocations and a
small increase in the size of cells.

3. The cell walls in the purer iron consist of somewhat regular
networks of dislocations, as do the initial tangles.

4, In a very high-purity iron the dislocation density may
decrease and the dislocations may change their distribution as a result of
the thinning process.

5. A decrease in the temperature of deformation or an increase
in the strain rate decreases the tendency for cell formation and produces
a more uniform distribution of dislocations.

6. The addition of an alloying element which is not a strong
solid-solution strengthener increases the dislocation density and tendency
for cell formation primarily by increasing the density of grain boundary
sources,
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Materjal

»
Fe

*
Fe

+* %
Fe

*
Fe-0.60 Mn

Table 1

High-Purity Materials Investigated

Designation

S-1

B-13

B-3

Method of Purjficatjon

Zone-melted in horizontal
boat. Two passes.

Zone-refinasd by floating-
zone technique., One pass.,

Zone-refined by floating-
zone technique. Ten passes.

Zone-melted in horizontal
boat. One pass.

Supplied by Battelle Memorial Instjtute.

** Supplied by B. F, Oliver, United States Steel Corporation.

A A -
6 0.2 25
<0.05 0.9 1.2
5 <1 <5

6 0.4 25
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(d) 9% STRAIN (e) 20 % STRAIN
FIG. | -- DEVELOPMENT OF DEFORMAT ION SUBSTRUCTURE IN IRON.
(See ref. 2).
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FIG. 2 -- STRESS-STRAIN CURVES FOR POLYCRY STALLINE HIGH-
PURITY IRON DEFORMED AT 250C,
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FIG. 3 -- STRESS-STRAIN CURVES FOR POLYCRY STALLINE HiGH-
PURITY IRGN DEFORMED AT -78°C.
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FIG. 6 -- WELL-DEVELOPED CELLS AROUND LARGE PRECIPITATED
PARTICLES. Fe-0.015% Bi, C.R. 10%, LONGITUDINAL
SECTION. (See ref. 5).

FIG. 7 -- DISLOCATIONS ORIGINATING AT A GRAIN BOUNDARY.
Fe-.78 wt. % P, 1.0% STRAIN. (See ref. 20).
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FIG. 8 -- STRUCTURE OF RECRYSTALLIZED GRAINS IN IRON,

A————————— P m———

FIG. 9 -- GRAIN BOUNDARY LEDGE ACTING AS DONOR OF DISLOCATION
(See ref. 19).
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FIG. 10 -- GRAIN BOUNDARY LEDGES IN RECRYSTALLIZED IRON,
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FIG. 12 -- DISLOCATION TANGLE INITIATED FROM A
GRAIN BOUNDARY KINK.
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OF IRON.

FIG. 16 -- TRAILS OF MOVING DISLOCATIONS IN IRON B-3,
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FIG. 22 -- DISLOCATION STRUCTURE IN IRON B-3 STRAINED 5.5% AT (a) 25°C AND (b) -78°C.
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FIG. 23 -- DISLOCATION STRUCTURE IN IRON B-3 STRAINED AT -1960C. (a) 5.5% STRAIN,

(b) 14.0% STRAIN,



FIG. 24 -- DISLOCATION INTERACTIONS IN IRON B-3 STRAINED
14.0% AT -1969C.
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SUBSTRUCTURE AMD RECRYSTALLIZATION OF DEFORMED
CRYSTALS OF RIGH-PURITY SILICOM-IRON
John L. Walter
General Electric Company
Research Laboratory

1. INTRODUCTION

Recent advances in the techniques of transmission electron
microscopy have made it possible to directly observe the dislo-
cation substructures of metals.

Many studies have been undertaken to relate the mechanical
behavior of metals to the substructure during plastic deformation.
Some investigators have followed the changes in the substructure
and mechanical properties during annealing treatments. As a
result of these studies, various mechanisms for recrystallization
have been proposed based on observations of the modification of
the substructure when the deformed metals are heated.

It is not the purpose of the present paper to examine the
several proposed mechanisms for recrystallization but, rather, to
describe in some detail the derivation and modification of sub-
structure in a deformed and annealed single crystal of silicon
iron. 1t will be shown that the substructure, as evolved during
deformation, directly prescribes the state and orientation of
nuclei for primary recrystallization. This is not to say that the
presently described mechanism for recrystallization holds for all
metals and all crystal orientations, however. Additional effort
will be required to determine whether there is a single mechanism
for recrystallization or whether the mechanism is dependent upon
the initial orientation of the crystal being deformed and the type
and extent of deformation. This aspect of the situation will be
briefly explored in context with the proposed mechanisms for
recrystallization.

II. EXPERIMENTAL PROCEDURE

The single crystals used in this study all had a (100) [001]
orientation with respect to the rolling plane and rolling direction.
The crystals contained 3% silicon and were prepared as follows.
High-purity iron and silicon were melted and cast, in vacuo, into
slab ingots. The ingots were hot-and cold-rolled to sheet,

0.012" thick. Portions of the sheet were annealed in vacuum,
hydrogen, or argon at 1200°C to effect growth of grains with (100)
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planes parallel to the sheet surface by mweans of the surface energy
driving force (1-4). Crystals with (100) planes within 1 degree

of the plane of the sheet were removed from the sheet and rolled,
at room temperature, parallel to the [001] direction to reductions
of 10% to 90% of thickness.

Samples of the rolled crystals to be used for transmission
electron microscopy were thinned by electropolishing successively
smaller areas of the sample until a small hole formed (5). The
thinnest parts of the sample, adjacent to the hole, were removed
and placed in the microscope. Other portions of the rolled crystals
were annealed in a salt bath at temperatures from 535°C to 700°C.
These were thinned after anneding. The majority of the trans-
wission microscopy was performed on a Phillips electron microscope
type EM-100B at 100 KV,

1I1. EXPERIMENTAL RESULTS

a. Substructure of Rolled Crystals

Figure 1 shows the dislocation substructure and the beginning
of cell formation in a crystal rolled to 10% reduction. The
planar orientation, as determined by selected area diffraction, is
(100) and a <011> direction of the crystal is parallel to the <011>
trace superimposed on the figure. It appears that the dense
tangles and incipient cell walls consist of short segments of edge
dislocations parallel or nearly parallel to the <112> directions
(short traces in Fig. 1). There are also some longer segments of
screw dislocations (areas marked a) parallel to the <01ll> trace.
The bent dislocations in areas b and ¢ are probably screws that
are cross-slipping on to other (110) planes. The configuration of
cross-slipping screw dislocations has been described by Swann and
Nutting (6).

Rolling to 20% reduction leads to the formation of distinct
cells, 0.2-0.3 microns in diameter as shown in Fig. 2. These cells
are a factor of 5 smaller than the cells found in iron deforwed a
comparable amount (7)%,

* It is possible that the addition of silicon to iron results in a
decrease in cell size as is tire case for the addition of
aluminum to copper (8).
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The cell walls contain a higher density of dislocations than
vas the case for the crystal rolled to 10%. The disorientation
across the cell walls is less than 1 degree. Surveys of the crystal
with the diffraction beam showed no differences of orientation
greater than 1 degree within the crystal in agreement with X-ray
diffraction datas.

when rolled to 50% reduction, the cells are found to be

elongated and the cell walls are aligned parallel to the rolling
direction. The elongated cells can be seen in Fig. 3. The cell
elongation is roughly a factor of 2 and appears to occur nct so
much by the enlargement of the cells in the rolling direction as

by the breaking of cross tangles or walls to combine two cells into
one., Several examples of cross-wall breaking may be seen in the
figure. The width of the cells remains constant at 0.2-0.3 microns.

While the same elongated cell structure exists everywhere
within the sample, in certain regions of the crystal substantial
reorientations are found. The diffraction pattern in Fig. 3
illustrates the nature of the reorientation which may amount to as
much as 25 degrees. The diffraction pattern, which shows a
rotation of 10°, encompassed approximately 15 cells. Since the
(100) plane is parallel to the plane of the sample, the reorien-
tation may be characterized as a rotation about an axis normal to
the (100) or rolling plane. The average angle of disorientation
per cell wall is 0.6-0.7¢

The regions containing the reorientations we have called
"transition bands". The transition bands alternate with regions
wherein there is no orientation shift and we have classified these
latter regions as ''deformation bands'". As far as can be determined,
the substructure in the transition bands is identical to the sub-
structure in the deformation bands. This situation changes,
however, with increasing deformation.

Figure 4 shows the structure of a transition band in a
crystal rolled to 60% reduction., The further elongation of the
cells into sub-bands is apparent as is the narrowing and sharpening
of the walls between the sub-bands. However, as seen in Fig. 5,
the cell struct. @ within the deformation bands has altered
considerably in that the average cell diameter has been reduced to
0.1-0.2 microns and in many areas the cells have been filled with
dislocations., The diffraction pattern, obtained from this
deformation band, shows no significant orientation shifts,

Elimination of cells in the deformation bands is virtually
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complete at 70% reduction and the width of the transition bands is
considerably reduced as shown in Fig. 6a. This figure shows a
transition band and the orientations of the deformation bands on
either side of it (Figs. 6b and 6c) in a crystal rolled to 70%.
The transition band now coms ists of clearly defined sub-bands,
still only 0.2-0.3 microns wide, running parallel to the rolling
direction. Diffraction patterns show the deformation bands to
have (100) planes parallel to the plane of the sample and a change
in orientation of the [001] direction of about 40 degrees across
the transition band. This rotation occurs as a series of small,
discrete orientation changes associated with the individual low-
angle boundaries of the transition band. Since there are 18-20
sub-bands within the transition band, the average angle of dis-
orientation of the low-angle boundaries is approximately 2 degrees.
The (001 ) direction of the center sub-band is parallel to the
direction of the transition band and hence, parallel to the rolling
direction. The structure of the low-angle boundaries is shown in
Fig. 7 at high magnification. The structure of these boundaries
varies considerably from place to place as does the density of
dislocations within the sub-bands. Purther examples of the
structures of the low-angle boundaries will be given later.

when rolled to 90% reduction, the transition bands become even
narrower although the width of the sub-bands remains constant. The
average angle of disorientation of the low-angle boundaries has
increased to 3-4 degrees. Figure 8a shows a typical example of a
transition band in a crystal rolled tv 90% reduction. The defor-
mation bands have (100) planes parallel to the sample (diffraction
patterns, Figs. 8b and c)and there is a change in orientation of
the (001] direction across the transition band of 15 degrees. This
relatively small change in orientation across the transition band
is frequently observed for crystals rolled to 90% reduction. In
many cases, in the more heavily rolled crystals, the transition
bands are split and the [001] direction of the center sub-band
does not always coincide with the rolling direction. In some cases,
where the transition bands are closely spaced, the deformation
band between them contains an elongated cell structure similar to
that observed in crystals rolled to 50% reduction. This effect is
not understood.

Repeated diffraction surveys of all the deformed crystals
show that the majority of the crystal is comprised of regions with
the (100) planar orientation but other orientations are occasionally
found that have their origin in the formation of mechanical twins
during rolling. Figure 9a shows a transition band and deformation
bands in a crystal rolled to 70% reduction. The diffraction
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patterns (Pigs. 9b and c) show that the deformation bands have (111)
planes parallel to the rolling plane. The change in orientation
across the transition band is 21 degrees about an axis normal to
the (111) plane.

Many twins have been observed after reductions of 10-20% and
these should reorient during subsequent cold-rolling to place (1l1)
planes nearly parallel to the rolling plane. Diffraction patterns
of deformed twins observed in the electron microscope show these
to have (111) planes in the rolling plane and a <011> direction
parallel to a <011> direction of the matrix (9).

b. Textures of the Rolled Crystals

Up to about 50% reduction, the reorientation during rolling may
be characterized as a spread of the initial single crystal in two
directions about an axis normal to the rolling plane. At 50%
reduction, this spread is approximately 15 degrees in both directions.
Beyond about 50% reduction, the crystal begins to form two texture
components, The components are shown in the pole figure of Fig. 10
which shows the (200) poles of a crystal after rolling to 70% re-
duction. The initial orientation of the single crystal is given by
the open squares. The central portion of the pole figure was not
obtained since the symmetry of the orientation made this unnecessary.

The two components, A and B, are related to the initial orien-
tation by rotations of 25 degrees, both clockwise and counter-
clockwise, mainly about an axis normal to the rolling plane. The
dashed lines arbitrarily delineate the orientations of the major
components from the transition region (TR), the region of continuous
spread from the initial single crystal to the orientations of the

components.

Rolling to 90% reduction increases the rotation of the major
components away from the rolling direction to about 35° while
slightly increasing the spread away from the periphery of the pole
figure. There is a decrease in the volume fraction of material in
the transition region and an increase in the volume fraction
contained within the major components.

The presence of the major components in the rolled crystal
can be seen directly by proper etching of the rolled crystal.
Figure 11 shows the macroetched surface of a (100) (001] crystal
rolled to 70% reduction. The etchant reveals the cube faces; thus,
the edges of the pits are parallel to <001> directions. A [001]
direction in the region marked A lies at an angle of about 20
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degrees counterclockwise to the rolling direction, whereas, in the
region marked B, the {(001] direction lies at an angle of about 12
degrees clockwise to the RD. The regions A and B, of single but
different orientation, are the deformation bands. The narrow band
between A and B is the transition region of Fig. 10 across which
the change in orientation between adjacent deformation bands is
accomplished. As has already been shown {n the examination of the
transition bands, the change in orientation between the deformation
bands is gradual and spread over a distance of about 5 microns in
crystals rolled to 50% to as little as 1 micron in crystals rolled
90%.

c. Substructure of Annealed Crystals

The changes that occur in the substructure upon annealing
crystals that have been rolled to reductions of 50% or greater may
be generalized as follows: a) a decrease in the width of the
transition bands (particularly in the case of crystals rolled to
50%), b) a sharpening of the low-angle boundaries, c) nucleation
of recrystallization grains within the transition bands, and e)
polygonization to sub-grains within the deformation bands.

Figure 12a shows a transition band in a crystal rolled to 50%
reduction and annealed for 15 min. at 600°C. The elongated cell
structure that comprised the entire substructure of the rolled
crystal is no longer present; instead, the transition bands consist
of numbers of clearly defined sub-bands, 0.2-0.3 microns wide,
separated by sharply defined low-angle boundaries. The deformation
bands are structureless, the cells having been replaced by a
general distribution of dislocations.

While the total width of the transition bands has decreased
for comparable changes in orientation of the [001] directions
(compared to the width of the transition bands in the rolled
crystal), and the width of the sub-bands remains constant, the
average angle of disorientation of the low-angle boundaries has
increased to 1.3 to 1.5 degrees.

The diffraction patterns in Figs. 12b and c show that the
deformation bands, Band C and B, on either side of the transitiom
band, have (100) planes parallel to the plane of the sample. The
change in orjentation of the [001] direction across the transition
band is 28 degrees.

The nature of the rotation across the transition band is
shown more clearly by referring to Fig. 13 which shows a transition
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band in a crystal rolled to 70% reduction and annealed for 5 min.
at 700°C. Diffraction patterns were obtained at points 1-5 and
show that within the deformation bands (points 1 and 5) and the
transition bands (points 2, 3, 4) (100) planes are parallel to the
rolling plane. The change in orientation of the (001] directicn
occurs as step-wise rotations about the normal to the rolling plane,
for a total rotation of 47 degrees. The [001) direction in the
center of the transition band coincides both with the rolling
direction and the direction of the transition band. The number of
sub-bands in this transition band is 22; dividing by the total
orientation change of 47 degrees gives an average angle of dis-
orientation per low-angle boundary of 2 degrees. The nature of the
rotations across the transition band suggests that the low-angle
boundaries are tilt boundaries and should, therefore, consist of
edge dislocations., The structure of the low-angle boundaries is
shown more clearly in Fig. 14. This shows another area of the same
transition band shown in Fig. 13, but at much higher magnification.
The transition band is traversed by a very narrow twin (400
Angstroms wide) which was formed at the time the sample was being
thinned or cut in preparation lor electron microscopy. The twin
changes direction where it crosses a low-angle boundary; the

change in direction is a bend with the bend axis normal to the
sample surface. There is no apparent twist at the low-angle
boundary. Measurements of the twin's angular change at the low-
angle boundaries range from 1 to 3 degrees with an average bend of
2 degrees.

I1f one counts the number of dislocations per cm length of
boundary, then, from Db = 8 (10) for a simple tilt boundary,
values of 1 to 2 degrees are obtained. D is the number of
dislocations per cm of boundary and b is the Burger's vector (2.5
angstroms) . Thus, electron diffraction, the change in direction
of the twin, and dislocation counts confirm the tilt nature of the
low-angle boundaries.

As was pointed out earlier, the transition bands in crystals
rolled to 90% reduction contain low-angle boundaries with angles
of disorientation of 3-4 degrees. When annealed, the angle of
disorientation remains constant as does the width of the sub-bands.

Figure 15a shows a typical transition band in a crystal rolled
to 90% reduction and annealed for 30 sec. at 657°C., The deformation
bands, B and D, have (100) planes in the plane of the sample
(diffraction patterns 15b and d). The change in orientation of
the [001] direction across the transition band is approximately
35 degrees.
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d. Recrystallization

The most striking characteristic of recrystallization in the
rolled crystals is that of nucleation; nuclei are observed to
arise only within the transition bands. This is illustrated in
Fig. 16 which shows the polished and etched surface of a crystal
rolled to 90% reduction and annealed for 1 min. at 650°C.

The broad bands are deformation bands and the narrow bands
are the transition bands. The recrystallization grains are either
contained within or are contiguous to the transition bands. Re-
crystallization did not occur within the deformation bands; however,
growth of new grains into the deformation bands occurred readily.

Recrystallization grains were easily identified in the
electron microscope by 1) the general configuration of the grain
within the transition band, 2) a very low density of dislocations,
3) a tendency to polish through at the boundary between the new
grain and the transition band, and 4) the presence of Kikuchi lines
in the diffraction pattern. Kikuchi lines indicate greater
perfection of the new grain as compared to the sub-bands of the
transition band (1l1).

One such new grain, approximately 1.5 wicrons wide, in a
sample rolled to 70% and annealed for 5 min. at 700°C, ie shown in
Fig. 17a. Diffraction patterns, obtained at point 1 (within the
transition band), at point 2, within the grain, and at point 3,
within the deformation band to the right of the transition band,
are given in Figs. 17b, ¢, and d, respectively, All three areas
of the crystal have (100) planes parallel to the plane of the
sample. Across the boundary between points 1 and 2 there is a
change in orientation of the [001] direction of only 2 degrees.
Across the boundary between the new grain (point 2) and the
deformation band, however, there is a change of 10 degrees in the
(001] direction. Since the planar orientation is the same, it is
evident that the new grain originated as a part of the transition
band, Furthermore, the disparity of the angles of disorientation
across the boundaries between 1 and 2 and between 2 and 3 indicate
that the point of origin of the new grain was adjacent to point 1,
The grain increased in width and the boundary 2-3 increased its
angle of disorientation as it migrated toward point 3.

The new grain, marked C, in Fig. 15a also has a (100) plane
in the plane of the sample as do the deformation bands on either
side of the transition band. It is obvious that grain C originated
near the right hand side of the transition band since the difference
in orientation of the [001] direction between C and D is only 3-4
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degrees.

The recrystallization grain always has the same planar orien-
tation as the transition band from which it originates. For
instance, Fig. 18a shows a recrystallization grain in a crystal
rolled to 90% reduction and annealed for 1 min, at 650°C. The new
grain, C, has a (111) plane parallel to the plane of the sample
(diffraction pattern, Fig. 18c), as do the deformation bands, B and
D, on either side of the transition band (Figs. 18b and d).

Regions and grains of this orientation are the result of the
formation of mechanical twins during the early stages of rolling.
The deformed twins recrystallize completely before recrystallization
even begins in the matrix. At the points of intersection of the
twins, grains of many different orientations are found.

It has been observed that nucleation occurs more often near
the edges of the transition bands than in the center. That this
is to be expected will be discussed later.

IV. DISCUSSION

a. Origin of Primary Recrystallization Nuclei

It is characteristic of the nucleus for primary recrystalli-
zation, in this particular system, to have the same orientation as
the orientation of the particular sub-band which served as the
point of origin of the nucleus.

This characteristic suggests that the nucleation event is the
result of the enlargement of a portion of a sub-band by migration
of the low-angle boundary separating the growing sub-band from
adjacent sub-bands in the transition band. Figure 19 gives an
example of low-angle boundary migration leading to formation of a
recrystallization nucleus in a crystal rolled to 70% and annealed
for 5 min. at 700°C. The low-angle boundary, which originally
separated the sub-band marked X from the adjacent left-hand sub-
band, has migrated to the point marked by the arrow 1. It has
combined with the existing boundary to form another boundary of
higher angle of disorientation. With this migration, a curvature
has been imparted to the connecting boundaries (arrows 2) such
that they must move in the direction of the arrows. Thus, X-
block will widen and lengthen at the expense of neighboring sub-
bands.

The angle of disorientation of the migrating boundary pro-
gressively increases as it crosses successive sub-bands; it
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encounters the polygonized deformation band as a relatively high-
angle grain boundary (see, for instance, Fig. 17). The arrows
marked 3, near the bottom of Fig. 19, show a region where parts of
a low-angle boundary have migrated across an adjacent sub-band in
an irregular fashion.

The driving force for migration of the low-angle boundary
derives from the difference in energy-density across the boundary
(12) . The sub-band boundaries within the transition band add to
the driving force for growth of the nucleus. Thus, the recrystalli-
zation grains are generally long and narrow with points at one or
both ends (see Fig. 16).

The sub-grain boundaries within the polygonized deformation
bands also add to the driving force for growth once the nucleus
boundary reaches the deformation band; there are cusps where the
grain boundary intersects the sub-grain boundaries. These cusps
cause a curvature to be imposed upon short segments of the grain
boundary with the centers of curvature in the direction of
migration of the boundary.

This description of the nucleation event is based on the
supposition that the low-angle boundaries are mobile. As the photo-
micrographs and the diffraction patterns show, the low-angle
boundaries are tilt boundaries and, as such, they should be mobile,
according to Cottrell (13). Thus, it remains to determine the
mechanism by which such low-angle tilt boundaries and the transition
bands are formed during deformation and how these boundaries might
be changed during the anneal. The following section considers a
mechanism for formation of the transition bands.

b. Formation of Transition Bands

The formation of the transition bands appears to occur as a
result of interactions of edge dislocations of different Burger's
vectors approaching each other along the two operative <11l1> glide
directions in each (110} glide plane.

In the early stages of deformation, the <111> glide directions
are symmetrical ly disposed with respect to the rolling direction
and {110} glide planes have the highest resolved shear stress.
Thus, dislocations with [I11) and [1I1] Burger's vectors, gliding
in the (101) plane, for instance, approach each other, the leading
edge components meeting to form a wall. This wall is shown
schematically as the center wall in Fiﬁ. 20. The following screw
components undergo cross glide on to ( 01) and other (110) glide
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planes and wmeeting another screw dislocation of opposite sign, are
annihilated. Left behind, then, in the original glide plane are
equal numbers of edge dislocations with different Burger's vectors.
This basically is the mechanism of formation of cells as described
by Seeger (14) and examined by Swann and Nutting (15).

Thus, after a 10% reduction (see Fig. 1), the incipient cell
walls and tangles appear to consist of edge dislocations parallel
to several <112> directions. Also, the small number of screw
dislocations (parallel to the <011> trace) and the evidence for
abundant cross-glide appear to substantiate the annihilation of
screw dislocations. The cell walls represent the early stages of
formation of the transition bands.

As the samount of deformation is increased, the <111> glide
directions begin to rotate away from the symmetrical glide position
to a position where glide occurs more readily along one of the
<111> directions than along the other. This rotation occurs in
different directions in different regions of the crystal., That is,
on the right-hand side of the cell wall, the rotation will be
clockwise and on the left hand side, counterclockwise. Referring
to Fig. 20, the succeeding dislocation walls will then contain
more edge dislocations of one Burger's vector and fewer of the
other Burger's vector. As the rotation increases, each succeeding
wall will contain fewer and fewer dislocations of one type.
Eventually, the low-angle boundaries near the edge of the transition
band will contain only one family of edge dislocations. If the
amount of deformation is sufficient to cause rotations of about 30
degrees (reductions beyond about 70%) the edge dislocations in the
low-angle boundaries along the edge of the transition band will
have Burger's vectors parallel to the rolling direction. In Fig.
20 these walls are adjacent to the deformation bands.

The dislocation structure of these outer low-angle boundaries
can be clearly seen in Fig. 21 vshere the boundaries in the bottom
left-hand corner of the photograph are adjacent to the deformation
band. This sample was rolled to 70% reduction and annealed for
1 min. at 700°C,

Within the deformation bands, glide occurs along a single
<111> direction and the cells are eventually filled with dislo-
cations. Because of this single glide, the deformation bands
retain a single orientation which gradually changes with increasing
deformation beyond about 50% reduction to provide the major com-
ponents of the texture. Since there are no significant variations
of orientation within the deformation bands there is no nucleation
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of recrystallization grains.

Annealing short of vecrystalliszation results in some modi-
fications of the structures of the transition bands. |

In the case of the crystals rolled to 50% reduction, the
transition bands become narrower and the low-angle boundaries
straighten and become more sharply defined. Also, the angle of
disorientation of the low-angle boundaries increases from 0.6-0.7
degrees (in the as-rolled crystal) to 1.5-1.7 degrees after the
anneal. The total change in orientation across the transition band
remains constant, however. There must be some combination of the
low-angle boundaries during the anneal to produce the higher-angle
boundaries.

In the case of the crystals rolled to 70% and 90% reduction,
however, there is no significant change in the angle of dis-
orientation of the low-angle boundaries during the anneal. In fact,
the only change in the structure of the transition bands in the
more heavily rolled crystals is the simplification of the structure
of the low-angle boundaries. This simplification is probably due
to the expulsion of whatever screw dislocations might be contained
within the low-angle boundaries (16, 17) to convert them to pure
tilt boundaries during the anneal.

Since the boundaries near the edge of the transition band are
more likely to consist of a single family of edge dislocations, it
is expected that nucleation would occur in the sub-baris adjacent
to the deformation bands rather than within the center of the
transition band. The present observations indicate this to be the
case, However, the limited number of instances in which nucleation
is far enough along to be recognizable yet not so far along that
the new grain traverses the transition band prevents making a
sweeping generalization.

d. Other Mechanisms

It is possible that the above proposed mechanism for re-
crystallization holds only for the (100) [001] orientation in a
body centered cubic crystal or for other crystals under similar
conditions of symmetrized glide. Hu (18), in a study of the
structures of rolled (110) [001])-oriented crystals of silicon-irom,
observed, upon annealing, rapid formation of sub-grains followed by
a slow increase in sub-grain size prior to recrystallization. He
postulated that sub-grains coalesced as a result of the disap-
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pearance of some of the sub-grain boundaries, the coslescence being
followed by rotation of the sub-grains. This same coslescence and
rotation mechanism was applied by Hu in an independent study of the
structures of rolled and annealed (100) [001)-oriented crystals of
silicon-iron (19). In that study he observed a grain with the (113)
orientation in a transition band with the (100) orientation and
suggested that the grain was formed as a result of very large
rotations of some of the sub-bands of the transition band.

In the present study, the recrystallization grains were always
observed to have the same planar orientation as the transition band
from which the grains originated, at least within the accuracy of
the electron diffraction measurements.

Weissmann, et al (16), and Fujita (20), in studies of the sub-

structures of cold-worked aluminum, observed that growth of sub-
grains during an anneal appeared to proceed by a gradual disap-
pearance of sub-boundaries, i.e., by coalescence of sub-grains.
The sub-grains became surrounded by high-angle boundaries, pre-
sumably as a result of migration of dislocations from the sub-
grain boundaries to some point outside the coalescing group of
sub-grains,

Votava (21) observed a cell structure in cold-worked copper
which polygonized to sub-grains upon annealing. However, the
recrystallization nuclei appeared suddenly and simultaneously with
polygonization. Baily (22) suggests that recrystallization in
deformed silver results from the migration of already present grain
boundaries but could not determine the source of the necessary
high-angle boundaries in heavily worked silver.

It seems that additional study will be required to provide a
detailed description of formation of high-angle boundaries when
sub-grains coalesce. Particular attention must be paid to the
presence and conditions of local curvature (23) at the points of
nucleation in view of the body of evidence suggesting that nuclei
are formed in regions where turbulent glide has occurred (24), i.e.,
where the lattice has become curved.

In _he present study and in the study by Hu (19), the
observations confirm the presence of the necessary regions of dis-
orientation required for nucleation.

V. SUMMARY AND CONCLUSIONS

1. (100) [001]-oriented crystals of high-purity 3% silicon-
iron were rolled, at room temperature, to reductions of 10-90% of
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thickness. The structures of rolled and annealed crystals were
observed by means of transmission electron microscopy.

2, Cells are formed at low reductions (10-20%). The cell
walls consist mainly of edge dislocations parallel to <112>
directions.

3. With heavier reductions (up to 50%), the cells elongate in
the rolling direction. In certain regions of the crystal there are
significant reorientations. The reorientation is characterized as
a rotation about an axis normal to the (100) or rolling plane.
These regions have been called "transition bands'. The regions in
which there are no reorientations are called "deformation bands".

4, At 60-70% reduction, the elongated cells in the transition
bands become sub-bands separated by low-angle tilt boundaries which
have angles of disorientation of about 2 degrees. The elongated
cell structure in the deformation bands is replaced by a general
distribution of dislocations.

5. The low-angle boundaries in the transition bands in the
crystals rolled to 90% reduction have angles of disorientation of
3-4 degrees.

6. vhen annealed, the low-angle boundaries of the transitiom
bands are converted to pure tilt boundaries. The deformation bands
undergo polygonization to sub-grains.

7. Nucleation of recrystallization grains occurs only within .
the transition bands by a process of migration of low-angle
boundaries across adjacent sub-bands. The driving force for migration
derives from differences in dislocation density from sub-band to sub-
band.

8. The recrystallization grains have the same orientation as
the sub-band which served as the point of origin of the nucleus.

9. The majority of recrystallization grains have (100) planes
parallel to the plane of the sample. Occasional recrystallization
grains are observed to have orientations near (111). These are
found in conjunction with (111)-oriented transition bands and
deformation bands located within deformed twins.

10. The proposed mechanism for recrystallization in (100) (001]-
oriented crystals of high-purity silicon-iron may not hold for
crystals of other orientations or for wmetals with different
deformation characteristics.
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1. Incipient cells and dislocation tangles in crystal rolled to
102 reduction. X 110,000.

2, Cells in crystal rolled to 20% reduction. X 100,000.
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3. Elongated cells in transition band in crystal rolled to 50%
reduction. Diffraction pattern shows nature of reorien-
tation. X 48,000.

4. Sub-bands in transition band in crystal rolled to 60% re-
duction. X 50,000,
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5. Dislocation structure and diffraction pattern of deformation
band in crystal rolled to 60% reduction. X 84,000,

6. Transition band and diffraction patterns of deformation
bands, B and C, in crystal rolled to 70% reduction. X 19,000.
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7. Structure of low-angle boundaries in transition band in
crystal rolled to 70% reduction. X 100,000,

[o]

8. Transition band and diffraction patterns of deformation
bands, B and C, in crystal rolled to 90% reduction. X 90,000.
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9. Transition band and (l1ll)-oriented deformation bands B and C,
(diffraction patterns b and c¢) in crystal rolled to 70%
reduction. X 24,000,

10. (200) pole figure of crystal rolled to 70% reduction. Open
squares give initial orientation, (100) (001].
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11. Macroetched surface of crystal rolled to 70% reduction,
Shows variety of orientations. A and B are deformation bands.
X 500.

(00}

4

12, Transition band and diffraction patterns of deformation
bands, B and C, in crystal rolled to 50% and annealed 15 win.
at 601°C., X 25,000,
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13. Transition band in crystal rolled to 70% reduction and
annealed for 5 min. at 700°C. Diffraction patterns taken at
points 1-5 to show change of orientation of [001] direction
across transition band. X 17,000.

14, Structure of low-angle boundaries in tramsition bmd in crystal
rolled to 70% and annsaled for 5 wmin. at 700°C. Narrow

band traversing transition band is twin. X 108,000,
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15,

foo]

Transition band and recrystallization nucleus in crystal
rolled to 90% and annealed 30 sec. at 657°C, Diffraction

patterns b, ¢, d show (100) orientations of deformation
bands, B and D, and nucleus, C,
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16.

Polished and etched surface of crystal rolled to 90% and
annealed 1 min, at 650°C. Wide bands are deformation
bands and narrow bands are transition bands. Nucleation

occurs within transition bands. X 150.
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17. Transition band, recrystallization nucleus (2) and
polygonized deformation bands in crystal rolled to 70%
and annealed 5 min. at 700°C. Diffraction patterns show
orientations at points 1-3. X 19,000,

203




18.

(111) -oriented recrystallization grain and deformation
bands in crystal rolled to 90% and annealed 1 min. at
650°C. Diffraction patterns b and d show orientation

of deformation bands. X 10,000,
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19. Origin of recrystallization nucleus within transition
band in crystal rolled to 70% and annealed 5 min. at 700°C,
X 53,000.
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20. Schematic diagram of dislocation structure of low-angle
boundaries of transition bands.
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21, Dislocation structure of low-angle tilt boundaries
adjacent to deformation band in crystal rolled to 70%
and annealed 1 min. at 700°C. X 100,000.
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The Variation of Flow Stress with Substructure in
Tantalum

Walter S, Owen
Department of Metallurgy
University of Liverpool.

1. General Features

On annealing cold worked (90 percent reduction at 20°C) tantalum
(less than 160 pom total interstitial iTE3rity) at successively higher
tenperatures four effects were observed ~°. In order of increcsing
annc.ling temperature:

1. The dislocation ffnSifl of the cold-worked foils was very high
(greater than 3 x 107~ cm ). It was difficult to resolve the
individual dislocations and no clegr cell structure was observed.
On annealing for 30 minutes at 900 C there was some rearrangement
and annihilation of dislocations but 26 foggation of subaboundaries.
The density decreased to about 9 x 107 ecm

2. Anncaling at temperatures between 950° and 1200°C produced sub-
boundary networks winicn were very regular at the hizher temperatures
in the range (Figure 1). lore than 60 ercent of the networks were
of the {111»/<100> type.

8. At higher annealing tem.er.tures coarser networks were rroduced,
corresponding to a decrease on the angular misorientation across the
boundary. There was a small decrease on the average dislocation
density.

4. No networks were fougd in sy ecimens annealed zt still hicher
temperatures (up to 1700 C) and there was a very marked decre.se in
the average dislocation density.

The processes overlap somewhat and the annealing temperature at which
each effect was observed varied appreciably with the ;urity of the tantalum.
In the most impure material (147 ppm oxygen, 160 ppm total impurity) effects
2 and & occurred at the lowest temgeratures and the average disiocation
density decreased most rapidly with incre sing anncaling temperuture.
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2. The Change of Substructure on Deforming Annealed Foils in Tension

The sequence of changes in the substructure on deforming annealed
f°ili313 &,nsion at constant temperature is similar to those observed in
iron "' "/, but there are differences in detail.

Aifter 1.6 percent strain at 293°K many straight dislocations vere
observed and the start of networi disintegration was detected in relatively
pure t.ntalum (Te-Cll contuining less than 35 ppm total intiasti£§a1
impurity) with a hiph initial dislocation depsity ( 5 x 1007 cm ). In the
annealed s. ecimen most of tiie dislocaticus were in well developed networks
althourih there were an apyreciable number of random dislocations. Very
few re-ular networks remained after 2.0 .ercent strain and a number of
tungles of dislocations nad formed. There was some indication of cell
fornation although it was not .ossible to estimate the cell size., After
4,6 percent strain tne cell structure was better detined, the cell diaceter
being avbout 0.3+, and tuere were extensive dislocation t.ngles. The cells
were clearly defined after 7.3 percent strain and tue dianeter was about
0.2/¢(Figure 2). However, unlike iron deformed ut the same tem.erature,
alter furtiner strain tne cells started to break-u;., although some evidence
of cells remained after 10.6 uercent struain the dislocation distribution
was much more uniform than after 9.2 percent. After 12.2 percent str.in
the cell structure aad disapveared and the dislocation density was uniform
tiroushout the s_ecimen (Figure 3).

The strain at which tuugles and cells forr is zreatly inllue.ced by the
initial substructure. A dilute t..talum-oxygen alloy (Ta-sh cgntaiging 147
opin oxygen) anncaled t° sive a low cislocution deasity (1 x 107 em )
arranged randomly shoged oniy slizut evideuce of cell foruacion aiter 10.0
.ercent struin at 293 K altnough tuere was a marked incr:.se in the dis-
location entun:le..cnt (rigure 4). This contrasts with the same alloy
annculed to a al h dislocation deusity, with .11 the dislocations in welle
tormed networks, which sroved re.cr.ably resistant to disintesration on
striining. dven after 11.0 percent strain some of the original networks
could still be observed. In Figure 5 a network surviving after 6.7 percent
struin is shown. Altihougih the network is still intact the surrounding
ureas show cbvious signs of deformation. Thus, it seems that, in general,
hirh dislocution density s_.ecimens form tangles and subsequently cells more
reudily than those with low initial density, but anne:led-in networks vary
vignific ntly in their atility to withstund disintegration. Comparing ttﬁ-ﬁ)
zereral daferration structures in tantalum with those described for iron
it seems that tantclum deformed at 293°K corresponds to iron deformed at a
temnerature 100%K or more higner. Since the melting point of tantalum is
appreciably aigher tnan that of iron this difference is not surprising.

Several sources of dislocation multiplication have been identified,
Profuse ~.neri.tion of dislocations has been observed in the vicinity of the
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intersection of a slip band with a dislocation metwork (Figure 6). It seems
that when a networi is broken up by a slip band cutting through it many new
dislocations are produced. In addition, it was observed in all the specimens
that as the deformation was increased the grain boundaries became tnicker
and more fuzzy due to the accumulation of dislocations alomg the boundary
(Figure 7). It is not clear where these dislocations originate but it seems
unlikely that they are formed by the blocking of a slip band because when
this occurs the new dislocations can be clearly seen and they are more

widely dispersed (Figure 8).

3. The Variation of Flow Stress with Dislocation Density

The average difigcation density was measured, by the method described
by Keh and Weissman °, as a function of flow stress for two spec@mengzof
Ta-Z4 with the same grain size, one (Ta-E4 LD) with a low (1 x 10 167 )2and
the other (Ta-E4 HD) with a high density of dislocations (1.6 x 10™ cm ).
In the low density material the dislocations were random and in that with a
hizh dislocation density almost all of the dislocations were in welle
developed networks. The mechanical and thermalotreatments are given in
Table %. Ta=uk LD was tested at 293 K, and 240 K and the other s_.ecimens
at 293K only.

The stress-strain curves are shown in Figure 9. As with all poly-
crystalline dilute tantalum alloys tested in this and other investiszutions
the lozarithm of the true stress &'varied linearly with the logarithm of the
true strain £ when the strain was greater than the Luders strain. Thus, the
strain-hardening curve could be accurately represented by:-

n
g, = K€ (1)

where K is the strength constant and n the strain-hardening index. Values
of the flow stress at zero plastic struin 6’° were obtained by logarithmic
extrapolatio*sog)ths strain hardening curve to the intersection with the
elastic line'”' ‘. Values of the lower yield stress 9_, &. , K and n are
listed in Table 1. Changing the initial substructure (gbmpafs Ta-E4 LD an
Ta-i4 HD) produces only a very small difference in tho yield stress at 293 K
but the difference in 0’f is appreciable. Clearly, O, o1 K and n are
markedly affected by the gn*g’al substructure. Many de{orminations of 7,
which is equivalent to tff » have been made on other materials using the
Petch extrapolation which aependa on

- -3
o’y 6’1 + k d 2)

where 2d is the grain size and k_ a locking parameter. This method cannot
be .sed to study the effect of stbstructure on tae yield parameters because
of the ,ractical difficulty of maintaining a constant dislocation arrangement
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and density in a series of specimens with an appreciable range of grain sise.
When the grain size range is established by annealing cold-worked tantalus

at successively higher temperatures the Petch method measures some averaged
value of ©, whigh is aigher than &, measured by extrapolation of the strain
hardening eirn In iron specimefis, which usually go through a phase
caange during the annealing to establish the grajin size, the variation of
substructure with annealing temperature is not marked and there is good agree-
ment between 6;(” the Petch method and &, by extrapolation of the strain-
hardening curve .

Following Keh and Weis ) the flow stress for Ta-E4 LD and Ta-E4 HD
was plotted as a function of VN, where N iz the average dislocation density,
and all the tantalum specimens were found to approximate to the empirical
relationship

6; = o’°+d.ebﬁ (3)

where O and & are constants, G is the shear modulus and b tne Burgers
vector (ﬁg\xre 10). A relationship of this form is predicted by several
diiferent strain hardening theories but the models on which the theories are
based relate to the second stage of linear hardening of a single crystal and
the extension of thece ideas to the non-linear hardening of polycrystals is
of doubtful significance. Further, to interpret equation 3 in these terms an
assumption is necessary about the fraction of dislocations which are mobile
or the ratio between the dislocation density of the tangled regions and the
average density. In polycrystalline tantalum specimens the dislocation
geometry changes markedly with the preliminary mechanical and thermal treat-
ment and with strain during testing and thus a simple assumption of this
tyre does not appear to be(‘wstified. The problem has been discussed in
detail by Keh and Weissman However, equation 3 is a useful empirical
x‘deynsentation of the results and it enables the flow stress at zero strain
o to be obtained by a third method. O, 1is the stress corresponding to
th‘ initial dislocation density N,. Valufg of O ¢ obtained in this way are
given in Table 1. The values frofi equation 3 are 8 1ittle greater than those
from the stress-strain curve but the agreement is fair.

The variation of average dislocation density with strain could be
resresented by a simple power relationship (Figure 11)

N « CE® )

values of C and a are given in Table 1. A simﬁ,r result has been found for
iron and, by etch-pit counting, for mild steel ', Hahn replaces the total
strain £ by the elastic strain £_, but us the elustic strain is small
compared with £ over the range ofy the experimental meumments this sub=
stitution does not make a significunt difference. Hahn has advocated the
use of
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u-ui.c'e" (5)

The data for tuntalum are plotted in tais way in Figure 12. Zach increment
of strain is groportional to tne number of moving dislocations N _ and the
slip distance 1, £E= N b 1, At 292°K a or a' is nearly unity for both the
uwigh and low ipitial dgnsity specimens indic.ting thut tae nroduct N_ 1/N is
constant or, if tihe difference in the slip distance is assumed to be small,
that the ratio of moving to static dislocations is independent of initial
substructure. The fraction ¢f dislocations moving can be assumed to be
independent of the strain only if the slip distance is independent of the
avera~e dislocation density. At 240°K the situation is quite different,

the strain varying aporoximately as the square root of the dislocation
density. Thus, the product N_ 1/N varies witn str«in but without exact
knowledze of the cnange in slfp distunce with strain und temperature no
deduction about the effect oi these variables on the fraction of dislocations
moving can be made.

If equations 1 and 4 are judged to be a correct re.resentation of the
data then, eliminating £ ,

a=n n
6 . kc® N (6)

4

Not surprisingly, since c s N and € are all tuken from the same collection
of interrelated data, the gxperimental results fit this relationship (Figure
13 and Table 1). Of course, equation 6 is not compatible with equation 3
since = £ 0.5. The values of &, , the siress corresyponding to a dislocation
densit] N,, cbtained from the daff plotted in Figure 13 (equation 6) are
triven in hble 1. These are nrobably more reliable than those obtained

from equation 3. .

The Signific.nce of O

In the equation used by Keh and weissman (equation 3) &, = 6 when
# = 0and €_ might be considered to be tne Peierls stress.  Howevir, O,
defined in t8is way varies over u wide range when tae initial substructufe
is changed (Figure 10 and Table 1). This, togetier with tae objectioms to
the application of this formula to polycrystalline material, suggests that
no vhysical meaning can be given to this 6 . Equation 6 is also
unsatisfactory because neither of tae equatgons from whica it is derived
(equations 1 and . take account of the Peierls stress. However, the fact
taoat taese ecuations ap.ear to be a good represeantation of the experimental
data indicates that the Feierls stress is small compared with a? o

In the absence of a firmly-based equation relating the flow stress and
the average dislocation density .n attempt to assess the Feierls stress by a

213




more circuitous route appears justified. Previously, &, has been defined
as the point satisfying simultansously equation 1 and th‘°cmtic egquation

6= EE . (?)
where £ is Young's modulus (Figure 14) and
o = B2 (8)

However, if it is assumed thut &, is the sum of two stresses, the Peierls
stress ¢ and the stress o req&red to move a dislocation through the
annealed-fn substructure, th8 relat:on between the elastic line and the
strain-hardening curve may be as represented in Mgure 15. O is the strain
introduced into the srecimen by building up the dislocation dgnsity from sero
to N,. Hypothetically, if this is dome without any dislocation interaction
the Stress required would be O_. Then, U, ot Dow defined as the stress at
which the elastic line (equatiof 7) is tangential to the strain-hardening
curve

n
o, - o/o = K(E-€) (9)
becones
g B B
S, = O, + k-8 g1 ,l-n (10)

uxperim.nt:lly, the stresses O, and str.ins € can be me.sured oniy at strains
larger th.n the Luders strain. “In these circumstsuces, if it is assumed

that 0,» 0 _ and £ >> & _ equation 9 reduces to ecuation 1 ané n and K can
be detefmined experimonta?ly. Zquation 1 fits the strain nardening curve very
closely suz csting taat at large strains this asprocimation is reasonable.

The second te:m on the right-hand side of equation 10 differs from the right-

hand side of equution & on.; by the factor s For tuantzlum tested at 29}°K

n %as values between C.l .nd 0.3 depeuding x{xl.on the initial substructure und
nl"n varies between 0.77 and 0.60. Frobably the least ambiguous method of
determining O, eox erimentally is from the data in Figure 13, taking ¢~ o
as the stress ggrres,onding to N,. Since the value from equation 8 (that
is logarithmic ext._upolation of the strﬁss-str'-ain curve) agrzcs fairly well
with tide value the decrease due to Y must be approxim.tely compensated
n

by the introduction of & ° into equation 10. Tm.t is, between about 60 and
75 .ercent of & fo wt 293 K is due to dislocation interaction.
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Values of O from tas tantalum data obtain:d by ta:dng O, from the
plots of 1n &, vérsus ln N, and n and K from the application of equation 1
at lar-e valued of & are givea in Table 1. The values of < for the high
and low deusity s n~cimens tested at the same temperature arrce within the

ex erimental error and it a_pears taat furtier exploration of tnese ideas
is ju-tified.

The ex_.erimental results cuotad in this paper are tuken from work by
D.. D, Hull and lir. I. kcIvor winich is still in progress. The work is
supported by the United States Air Force under contract AF33(616) - 6838

Materials Laboratory, “.A.D.C., wWright-Patterson Air Force Base, Chio;
Manlabs Ine., Subcontruct No., 105.
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Table 1

Ta-E4 LD

Ta-E4 HD

Treataent

Cold=-worked 90
percgnt. Annealed
1750°C for 6 min.

Cold~worked 90
percsnt. Annealed
1750°C, 6 min.

Cold worked Zopercent
Annealed 1000°C,

1 hour

Grain-size d-% mi%

2.8 2.8
Initial dislogation density 1.0 x 109 1.6 x 1010
’1'
Initial dislocation arrangement Random Networks
Test Temperature 240°k 293°K 293°K
Stress-strain curve
y Xg -2 26.8 22,2 22,6
£ c.g.s. 8.3x10° 8.5x10° 3.2x10
o’ 0.12 0.25 0.13
Equation 3
6: Kg a2 21.6 15.0 19.0
f- -2 0007 003“' 0008
fo Ks ne 21-7 1508 2107
Figure 13
0;0 Kg ou2 22,5 16.4 22.4
Equation &4
c 5.3 x 107> 5.3 x 1007 1.3 x 1012
a 2.2 1.2 0.8
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Table 1 (continucd

Equation 51 G 5.3 x 102 5.3 x 100 1.9 x 10%2
a' 2.2 1.2 0.9
n/a from equation 6 0.06 0.21 0.16
n/a from Figure 13 0.07 0.17 0.15
Zquation 10
{o Kg m-a ?.9 701 7.6
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Figure 1. TaElAnealed 1200°C. Figure 2. TaEl Annealed 1200°C,
X50, 000 Deformed 7. 3% in tension.
X40, 000

Figure 3. TaEl Annealed 1200°C, Figure 4, TaE4 Annealed 1750°C
Deformed 12, 2% in tension. Deformed 10,0% in tension
X40,000 X40, 000
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Figure 5. TaE4 Annealed 1000°C, Figure 6. TaE4 Annealed 1000°C,
Deformed 6. 7% in Tension Deformed 6. 7% in Tension
X40, 000 X40, 000

Figure 7. TaEl Annealed 1200“C, Figure 8, TaE4 Annealed 1750°C,
Deformed 10, 6% in Tension Deformed 4, 3% in Tension
X20, 000 X60, 000

220



.goaIn)) UlRLIS - 889118 —daduﬁwuomnﬁ - onBrd

NIVYLS

N

_l‘ |
NiVHLS % 0¥

A,0r NL6T
a1v30L QHY3OL

221

g,ﬂn“n’

(z_ww'




NSITY, JN, (cm™)

;

SQUARE ROOT AVERAGE DISLOCATION DE

o
o
oy

W
Q
[
~N

/ TaE4 LD 240°

3
T
~
~

O

TaE4 HD 293°K// / o~
/ / (@)
O .
ol // // TAE4 LD 293°K
O
A/
- / /
~ - / /

Ozt %o 2o

TRUE FLOW STRESS, Gf, Kgs mm-2

Figure 10. Dislocation Density as a Function of
Flow Stress According to Equation 3.
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Figure 11. Dislocation Density as a Functien of Strain

According to Equation 4.
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Figure 12. Dislocation Density as a Function of Strain

According to Equation 5.
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DISLCC iTICN ARRANGEMENT IN COPP=R STNGLE CRVSTALS
DEFCRMED AT LCW TEMPTRATIRES

Z. S. Basinski
National Research Council, Ottawa, Canada

The phenomenon of the plastic deformation of crystals, and,
in particular, the aspect of work hardening, presents a very complex
problem. To understand it we must explain the macroscople
observations, such as the stress strain curve with its dependence on
temperature, strain rate, crystal orientation and impurity content,
and also account for the various microscopic features such as the
development of particular substructure, surface observations, etc,
This would apply even if we are trying to explain the behaviour only
of a particular crystal type, e.g., f.c.c.

In recent ‘years, direct observation of thin sections of
deformed crystals by transmission electron microscopy has been added
to the already large arsenal of methods used in the study of plastie
deformation, and, for a while, it appeared that the problem was
almost solved., However, it now seems that the additional data only
show that the process is much more complex than had been envisaged.
The existing explanations of the work hardening process fall into
several groups based on different structural models, and it should
be possible to assess the validity of these on the basis of experi-
mental observations, However, very often the experimental
observations are inconclusive and critical experiments, for many
reasons, are lacking.

Thin foil techniques suffer from the danger that the
observed dislocation distribution may not be representative of the
bulk material., Slip line measurements, on the other hand, are made
on the surface region which may be atypical., Macroscopic deformation
behaviour can be influenced by even minute amounts of impurity, It
therefore seems advisable to collect as much information as possible
and assess it carefully.

The present work deals with the deformation behaviour of
Cu single crystals as studied 6y a combination of slip line
observations, etch pit techniques and transmission electron
microscopy. Copper crystals of preselected orientations were grown
from the melt in graphite molds. The copper used was 99.999%, from
American Smelting and Refining Company. To reduce the number of
possible variables, the stress strain curve was obtained at low
temperatures (usually 4.2°K), the effect of diffusion during
deformation could then be neglected, Since warming copper specimens
to room temperature for subasquent study did not affect either the
flow stress or rate of strain hardening (Blewitt et al, 1957),
subsequent changes are therefore not considered to be of major
importance. After deformation the crystal was sliced to desired
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orientations using a Servomet spark cutter modified to givo a spark
energy of about 1 erg per spark. The temperature rise 1/10 ma from
the face deing cut was less than 15°C, and the spark 4 ®
determined by dislocation etoh pit counts on well annealed orystals
was oconfined to a depth of less than 1/10 mm. Specimens were
prepared from the slices by the method of Wilsdorf et al (1958) and
oexamined in a Siemens Elmiscope I operating at 100 K.V, Speocimens
were examined in various reflections to determine the Burgers
veotors of the dislocations present. The relative distridution of
dislocations in three dimensions was determined by preparing stereo-
?ggzg aphs, (Basinski, 1962), using a Valdré§ goniometer stage

Etch Pit Measurements

The variation of dislocation density and distribution was
studied by various authors, (e.g. Livingston, 1962; Young, 1961;
Hordon, 1962). Livingston's data show that the flow stress
correlates quite well with dislocation density except in the early
stages of deformation of crystals oriented for single glide, where
the etch pit density is somewhat high,

The orientation of the crystals used in the present work
was almost identical with the single glide crystals of Livingston,
the tension axis lay 8° away from the <110> direction on the great
circle bdetween the corner of the standard triangle and the slip
direction., Etch pits were examined both on the cross glide plane
and on the main glide plane to examine the difference between
dislocation density lying in and threading the primary glide plane.

FPig. 1 shows the plot of the etch pit density versus flow
stress. Livingston's data are included for comparison. In general
the forest density is somewhat lower than the dislocation density
lying in the main glide system; this difference decreases at higher
stresses. No sign of a systematic deviation in the flow stress-
density relation occurs for the forest dislocations although it is
desirable to check this point further by making more measurements at
lower stresses. The Adistribution of the etch pits on the cross and
main glide planes is markedly different. Those on the cross glide
plane are nonuniformly distributed and show alignment along the
traces of the main glide plane, glide polygonisation, and an
increase in etch pit density near subgrain boundaries. These
observations are in agreement with Livingston's work. The
distribution of etch pits on the main glide plane, on the other
hand, is much more uniform, no increase in etch pit density near
sub-boundaries is observed (Fig, 2). '

The absence of an increase in etch pit density near the
sub-boundaries on the main glide plane indicates that dislocations
of the secondary system move a distance short in comparison with the
mean sub-grain sigze, and in spite of their comparatively large
number presumably do not contribute appreciably to the overall
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strain., This would appear to remove an important 4if‘iculty facing
the observations, arising from the fact that the lattice rotations
produced during deformation are well accounted for by assuming
deformation on the primary system only, (e.g. Ahlers and Haasen
1962), especially since the X-ray measurements would de tnsensitive
to small amounts of strain occurring on other systems,

Further evidence for the activity of slip systems other
than the primary one, even in the early stages of deformation, can
be obtained from slip line observations. Pig. 3 shows_slip lines on
the cross slip plane of a specinen deformed to 3&53/mm2. Since the
slip direction here lies in the plane of observation the primary
system cannot produce any visible surface changes,

Foil Observations

Specimens deformed in easy glide show mainly edge
dislocations belonging to the primary glide system., These, as
expected from etch pit data, are distributed extremely unevenly with
large areas of the foll being completely free of dislocations. Fig.
I} shows a region having a high density of dislocations, The primary
glide direction heore is verticalﬁ and the dislocations have a form
strongly resembling the "dipoles” observsed in fatigusd specimens
(e.g., Segall, 1959), and in specimens deformed in tension, (e.g.
Wilsdorf and Vilsdorf, 1961). On closer examination it is apparent
that these are arranged in dense walls which contain not only
dipoles but also single edge dislocations,

Occasionally the dislocation-free regions on either side
of the wall have different contrast resulting frcm an excess of one
sign of Burgers vector causing lattice tilting; but in most cases
no difference in contrast is observed, indicating that the Burgers
vectors of the dislocations in the wall add approximately to zero,

Another type of defect visible at this stage are straight
faint segments of dislocation which end within the crystal, These
invariably run along two of the <110> directions lying in the slip
plane other than the slip direction. They have been shown (Kowie,
1962) to be very narrow dipoles bounded by Frank sessile
dislocations,

A very characteristic feature recurring in most of these
photographs is the coincidence of dipole ends and other features
along certain cross slip planes. The imperfect alignment of these
ends in the two dimensional photographs can be seen in three dimen-
sions to be due to the different depth of dipoles in the foil., These
"slicing planes" are indicated by arrows in Fig. 4. Long dipoles must
therefore have been cut into shorter pieces by slip occurring on
cross slip planes. Since there is no evidence left at the ends of
cut dipoles of trails which would indicate distributed slip,
relatively large amounts of slip must have occurred on isolated or
very closely spaced planes. The direction of this slip must have
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had at least a component normal to the glide plane to account for the
cutting of the dipoles,smd displacing single dislocations into
planes above or below their original plane (e.g. A in Pig. 4).

The dense regions of dipoles invariably show complex
interactions along such a "slicing plane™ (B in Pig. L) and very
often show there dislocations with different Burgers vectors (Pig,
5S). These types of interaction can also b:nﬁleurly seen in Pig, 6
obtained from a specimen strained to 340g/mmc, and in fact on most
photographs at this, and higher strains. This obsarvation strongly
suggests that the short dipole loops commonly seen, especially at
higher strains, in deformed crystals result from chopping much
longer dipoles probably formed originally by the lining up of edge
dislocations, and not by repeated cross slip mechanisms (e.g.,
Johnston and Gilman, 1960) or dislocation interaction mechanisms
proposed by Tetelman (1962),

A large number of short dipoles were usually observed in
the vicinity of sub-grain boundaries, as can be seen in Pig. 7. The
sub-grain boundary was identified by developing etch pits on the
specimen after observation in the microscope, the boundary was seen
to cross the carbonised region., These dipoles would appear as dense
etch pits near a sub-boundary on the cross slip plane, but not on
the main glide plane.

Stage IT General Features

The following section refers mainly to work carried out
with Dr, D, B, Dove, (to be published).

Electron microscopic observations on copper specimens from
strip crystals deformed at low temperatures (78°K and 4.2YK) in
Stage II show dense dislocation tangles which tend to lie on planes
parallel to those for which the resolved shear stress is high.
Similar observations were made by Howie (1660) in CuAl alloy
crystals deformed at room temperature.

For crystals oriented for single glide most of the tangles
are parallel to the primary glide plane, but some do lie on other
planes; the frequency with which they occur being approximately in
propogtion to the resolved shear stress on that particular plane,
Fig. €.

The presence of strong cortrast indicates that the
dislocations in a tangle cause appreciable lattice rotation across
it. This rotation was analysed in the electron microscope by
examining the relative displacement of Kikuchi lines resulting from -
scattering by portions of the crystal on either side of a dense
dislocation tangle. In every case examined the rotation axis
appeared to 1ie in the slip plane (i.e. the plane of the tangle)
normal to the slip direction. This, in fact corresponds to the
rotation axis which is known to occur in the kink bands, Here,
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however, the boundary lies in the slip plane and not in the plane
normal to it, The displacenent of Kikuochi lines zives information
on only two components of rotation, the component parallel to the
electron beam is difficuvlt to determine, and in order to check

this, some slices were cut having normals, (a) in the slip direction,
and lb) lying in the main glide plane and perpendicular to the slip
direction. Strong contrast across 4ialocation walls {n specimens of
the first type, and almost complete absence of such contrast in
specimens of the second type, viewed in various reflections,

supports the original conclusion,

When the crystals are oriented for double glide the
%islocagion tangles present a very striking cross-grid pattern
Fig. 9).

There does not seem to be much reliable evidence on the
Burgers vectors of dislocations lying in these tangles, One
important question is what proportion of the dislccations have
Burgers vectors belonging to the primary slip system. Fig. 10 shows
a specimen photographed in thLe reflection of the primary slip plane;
all dislocations Laving Burgers vectors lying in this plane are
therefore not visible. It is apparent that there is a very large
number of dislocations belonging to systems other than the primary
glide system. A striking feature of this figure is that even though
the primary glide dislocations are absent, it is very easy to pick
out the traces of the primary glide plane., It may be concluded from
this feature that a relatively large number of =ources on the
secondary systems emit a small number of dislocations which travel
short distences, rendering the deformation here much more
homogeneous, and making its detection by either slip line studies or
lsttice rotation extremely difficult,

Photographs of specimens obtained from the surface regions
of crystals deformed in Stage II show that the dislocation
distribution there is quite different from that in the interior of
the crystal. Fig. 11 shows part of a foil polished from one side
only. Slip lines, due to changes in thickness, are clearly visible,
In spite of the close correlation between the prominent directions
on the surface and in the interior of the crystal, there 1is very
little correlation between slip lines and the crystal just under-
neath them, The dislocations here are less tanzled and are arranged
approximately at random. That the material ju=t under the surface
is atypical is hardly surprising since not only are the dislocations
near the surface subjected to image forces which may modify thelr
behaviour, but also a large number of dislocations leave the crystal
to produce slip bands., Whereas in the interior of the crystal
dislocations travel in both directions, unless a large number of
additional sources operates at the surface (corresponding to the
number contained in a slab whose thickness i1s equal to the
dislocation mean free path), the loss of dislocations at the surface
must be compensated by an increase in the distance travelled by the
dislocations in this region.
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D in the Main Gl P

To attempt to elucidate the nature of the dense dislocation
tangles sections of the crystal were cut parallo%.ug the main glide
plane, from orystals stretched up to about 1l,7kg e Several
distinct types of dislocation arrangements were to be observed, One
feature is the three dimensional networks containing a large number
of short segments of Cottrell-Lomer dislocations. These result from
reaction at the intersection with both the conjugate and eoritical
slipplanes, however, specific areas usually contain a predominance
of one type. PFig. 12a shows a typical example of such a region. In
Fig. 12b, the Cottrell-Lomer dislocations are invisible,

In some regions, portions of the crystal which are
reasonably free of dislocations are separated by long narrow tangles
lying along the traces of the highly stressed secondary slip plane
(Pig. 13). These presumably occur when sections are cut between the
dense networks of the main glide system, and show a section through
a steeply inclined secondary glide tangle., Here a large number of
edge dislocation dipoles belonging to the primary glide system is
visible, and suggests quite an extensive crossing of these tangles
by primary glide dislocations. This is rather similar to the large
number of primary glide dislocation dipoles associated with the sub-
grain boundary, as in Pig. 7.

In some areas dense patches of short dipoles were observed.
As expected the Burgers vectors of the dislocations comprising them
always lay in the slip direction.

Preliminary observations on a crystal whose tension axis
lay in the <21I> direction indicate that the distribution of dis-
locations here is not fundamentally different from that in crystals
oriented for single glide. In this case, however, mainly Cottrell-
Lomer dislocations resulting from interaction with the conjugate
system were observed., So far, no dense networks were seen in which
the Cottrell-Lomer dislocations completely predominate. This may
not be significant since the number of specimens of this
orientation examined was small,

Sections parallel to both of the active glide planes
showed also dipole patches in each case lying in the plane of
observation., Here too, as in easy glide of crystals oriented for
single slip, the "slicing" on the cross slip plane could clearly be
seen. An example is shown in Fig. 1.

Discussion

From the data presented it appears that in copper orystals
deformed at low temperatures in Stage I most of the dislocations
remaining in the lattice are edge dislocations belonging to the
primary slip system. Comparison of the dislocation densities
obtained from etch pit data, with the strain, gives for the
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dislocation mean free path, A = - , the uurprisinglg large value of
2+ mm, This may be compared with a value of about 25u obtained by
Wilsdorf and Schmits (1962) in aluminium deformed at room tempera-
ture, Although the estimate for copper may be somewhat high, since
dense slumps of edge dislocations may not be resolvable into
individual etch pits, it is improbable that this would account for a
difference of & factor of 10, It is difficult to estimate the
dislocation density in Stage I from thin foils because of the very
nonuniform distribution. However, in Stage IT the densities from
thin foil counts and etch pit counts agree to within a fastor of 2,
It tnerefore appears that the discrepancy must lie in a difference
in both material and the temperature of deformation. The large mean
free path of the dislocations in easy glide is also indicated by the
large scale crossing of sub-boundaries, It is not clear at present
whether screw dislocations are not visible because they cross slipped
during deformation or because they are lost from the foil during
thinning,

In spite of the long mean free path, the dislocation
density on the primary glide plane is still larger than would be
expected from the flow stress. These dislocations therefore cannot
harden the crystal very effectively. It is often asserted (Seeger
et al, 1961) that the forest density does not increase during easy
glide and only slowly even in Stage TI., These authors assume that
the temperature dependent flow stress comes from the forest
contribution and the lack of its increase in easy glide is taken as
evidence of no increase in the forest density. Recent work
(Basinski and Dove, to be published) has shown, however, that the
flow stress ratio in the early stages of deformation is extremely
sensitive to small amounts of impurity, and therefore the forest
contribution to the temperature dependent flow stress may be
completely swamped by the impurity contribution during easy glide.

The prese:.. results leave little doubt that the forest
density does increase during deformation.

Several mechanisms have been proposed for the formation of
dislocation dipoles, sometimes called prismatic loops, during
deformation. The first mechanism considered by various authors,
(e.g. Johnston and Gilman, 1960; Price, 1960; Wilsdorf and Fourie,
1960) envisages cross slip by a screw dislocation with the formation
of a large jog which during subsequent glide gives rise to a
dislocation dipole., Cross slip to the original plane then completes
the process producing a prismatic dislocation loop. It is difficult
to see how a large length of dislocation would oross slip
simultaneously; and cross slip by a short segment would produce two
dipoles of opposite sign close to each other, which could then easily
anihilate by gliding during subsequent deformation. Furthermore,
recross-slipping of assrew dislqcation to its original plane appears
to be a rather improbable process. A more plausible mechanism
proposed by Tetelman (1962) envisages an elastic interaction between
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dislocations having an edge component and lying on a parallel glide
plane, followed by oross slip of the screw components separating a
prismatic loop.

The perfect alignment of dipole ends on a particular oross
slip plane almost invariably observed, however, supports the view
that the mechanism of this loop formation may be much simpler, Edge
dislocations mainly during Stage I of the deformation get stopped by
other edge dislocations producing reasonably long dislocation walls,
which subsequently get cut into shorter pieces by slip on the cross
glide plane. A large number of short dipoles could be produced by
such a process., Since the long range stresses would favour the
formation of edge dislocation tangles composed of dislocatiomsof
opposite signs we would expect that dipoles would predominate over
single dislocations in such a wall,

With increasing deformation in Stage II the relative
prominence of the dipoles decreases rapidly and it is quite probable
that not many of them are formed once the other systems become more
active, and that the dislocations in Stage II are stopped by other
interactions,

Stage 11

The most noticeable change in the dislocation arrangements
with the onset of Stage II is the increasing appearance of
dislocations with Burgers vectors other than that of the main glide
system, until, at stresses of about 2 - 3kg/mm? the predominance of
dislocations of the primary system over any other seems to be almost
lost. At first sight this observation may seem rather surprising in
view of the fact that most of the strain appears to have been
produced by the operation of the primary systems in crystals
oriented for single glide. But, unless the slip on the primary
system is distributed extremely homogeneously, or the slip
displacement continues in each packet right across the crystal,
large accommodation stresses will be present which can only be
relieved by glide on secondary systems., Reactions between the
primary and secondary dislocations then could produce the networks
observed in Stage II. The presence of tangles in crystals deformed
at liquid helium temperature shows that interaction with point
defects ('ilsdorf and Wilsdorf, 1961) is not necessary for their
formation.

The lattice rotations observed ar-und the {211>direction are
surprising since it is not easy to see lhow a simple dislocation net-
work could produce them without involving a prohibitive amount oflong
range stress, However, Cottrell-Lomer barriers lying in both of the
possible directions were observed and it can be shown that a combina-
tion of these with some screw dislocations derived from the two other
slip directions lying in the primary glide plane could produce a
network free of long range stresses and giving the required lattice
rotation, It may be that this type of rotation is preferred by
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the lattice to the twist type boundary, because it does not require
very large additional accommodation at the ends of a cell.

Much additional work, howevor, especially involving
careful analysis of all the components of the dislocation networks
is required before all the aspects of deformation mechanisms can be
understood.
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Figure 2. Dislocation etch plts; (a) cross slip plane; (b) main
glide plane, note absence of increased density near

sub-boundary.
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Figure 3. Slip lines on cross lip plane. .
shear stress 345¢ /mu S& P pLane (x 225). Resolved

Figure 4. B8tereo pair of a dislocation clump in the early
st e of deformation. o= 24 m.. deformed at
K.. Section parallel to ma 1de plane.
Slip direction vertical. (x 15,
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Figure 5. Same as 4, g.b = 0
for main éiide systen.

Figure 6. Stereo pair later in eesy glide. Section parallel to
?aig glidg plane, slip direction indicated by arrow.
x 15,000
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Figure 7. Section showing sub
rain boundary.
%x 15,000)

. . 2. -

Figure Crystal deformed a
78"°K. Double glide
orientation. (x 15,000)
(Basinski & Dove, to be
published.)

PR

Fi e 8. Strip crystal deformed
a% % i

2.

.2 K in stage II. Single
glide orientation. Not disloca-
tion tangles and contrasts
%arallel to main glide plane.

x 15,000) (Basinski & Dove,
to be published.)

' pox i “0' .
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) TN,
Figure 10. Crystal in single
glide orientation, deformed at
4.2°K. Contrast from reflection
in main glide plane; dislocations

,

with Burgers vectors lying in
1%19. 5,000

this plane are invis (1
(Basinski & Dove, to be published
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Pigure 11. Copper, single glide orientation, deformed at 4.2°x,
Polished from one side only. Note the absence of
correlation between slip lines and dislocation
arrangement. (x 15,000).

(a) (v)

Figure 12. Network containing & large number of Cottrell-Lomer
dislocations. Section parallel to main glide plane.
In 12 (b) g.b for, Bottrell-Lomer dislocations is
zero. O= 9§sg/mm'. (x 15,000)
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Figure 13 (x 15,000)

Pigure l4. Section parallel to one of the glide planes. Crystal
oriented for double glide. Slip direction in tﬁa
plane is vertical. (x 15,000).
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SUBSTRUCIURE AND THE FLOW STRESS OF POLYCRYSTALS

by
J.D, Meakin® and N.J. Petch,

University of Durham, King's College, Newcastle upon Tyne, England.

ABSTRACT

From a8 study of polycrystalline alpha brasses, it is shown that the
dislocation structure developed in the high Zn alloys (low stacking fault energy)
during a strain € gives a hardening Xe + p;"ﬂ.‘"’ , where X and # are constants
and £ 18 the grain diameter. Thus, in the equation for the flow stress of at
constant strain, of = cof + kg | A s where 0ol is the friction stress and k 1is
a constant, oof increases linearly with strain and k¢ also, ingreases with strain
because of the inclusion in it of the strain hardening pt‘t “. At high strains
or low Zn contents, cross-slip and cell formation occurs; the significance of
the grain size in the flow stress then diminishes and ks falls.

The present paper describes a study of the effect of substructure on
the flow stress of polycrystalline a-brasses. The term substructure is here
used in a very general sense to denote the dislocation structure produced by the
plastic deformation during the flow stress measurement. There is no attempt to
restrict the term to mean the presence of definite subgrain networks.

The a-brass system was chosen for this work because it presents
the possibility of a wide variation of dislocation locking strength and of
stacking fault energy with composition, and because there is a long range of
almost linear hardening, at least with high zinc contents. It was felt that
these qualities might simplify the interpretation of the results and this
proved to be the case.

First, the experimental facts. Prior to the present work, it
had been shown (1) that the equation relating thz lower yield stress oy of a
polycrystalline material to the grain diameter s, nar-’_,
-5
0" = o'o + k;e XXX Erx) (1)
vwhere o'o and k are constants, has a counterpart in the equation relating the
flow stress oy at a given strain with the grain diameter, so that

1 s

op = 0,0 + kgl vevesssees (2)

* Now at the Franklin Institute, Philadelphia,
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This applies to the flow stress after the yield point and also to the flow stress
in the absence of a yield point.

The present work has examined the effect of substructure through the
application of equation (2). Figure 1, which plots the yield stress and the flow
stresses at various strains for a 25% Zn alloy at 77°K as a functiom of grain
size, illustrates the type of result obtained. It will be seen that equations(l)
and (2) fit the measurements closely. Also, as the strain increases, Sy
increases and there are alterations in k¢. This type of measurement was made on
a series of brasses up to 35% 2n. The measurements extended to strains just
below the onset of necking.

Figure 2 shows the variation with composition and strain of the
slope kg extracted from these measurements at 77° and 295°K. Three points are
clear.

(a) The value of k at the yield point increases with =zinc content,
except for a final decrease at 35%.

(b) With the high zinc alloys, ks increases with strain up to a
maximum and then decreases. The maximum occurs at a strain of 0.1/0.15 for
alloys with 25% Zn and above, but it occurs at lower strains with lower zinc
contents, and at 10% Zn and below no initial increase in k¢ was detected, only
a progressive decrease.

(c) The value of k at the yield point is independent of temperature,
but the increase of k¢ with strain in the high zinc alloys is less at the higher
temperature.

Values of 0, were also extracted from the measurements. At the
yield point, these showed an increase with zinc content and quite strong
temperature-dependence, but the increase in a’of with strain is of greater
interest in the present connection and this is plotted in Figure 3 for 77° and
295°K, With 20% Zn and above, the increase with strain is accurately linear
at 77°K up to the highest strain used and the slope is practically independent
of composition. Some departure from linearity occurs with the lower zinc alloys.
The measurements at 295°K show that the linear slope is practically independent
of temperature, but the departure from linearity is more marked at this tempera-
ture, and it occurs at smaller strains and in alloys of higher zinc content.

INTERPRETAT ION

In the simplest interpretation (1) of equation (2),derived from its
relationship to equation (1), oz represents the "friction stress” in a slip band.
That is, the stress a slip band could sustain if the displacement in it could
move out freely 'ut the grain boundary, so producing a step in the boundary. The
other term k¢ U'” then represents the limiting value of the additional stress
the slip band can sustain because such step formation is opposed by the next
grain. The limiting value of this additional stress arises wvhen the stress
gonerated at the end of the slip band induces plastic deformation in the next

grain.
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On this view, the increase of cof with strain represents simply the
eoffect of strain-hardening and the alterations in ks must represeat other
ocomplicated changes in the grain boundary resistance to slip band formation.

To maintain compliance with equation (2) and yet retain this simple
interpretation, it will be noted that the rate of strain-hardening must be
independent of grain sise, s0 that all siszes have the same friction stress at
a given strain. It 1s not obvious that this should be true. Unless the
average distanoce a dislocation travels is the same for all grain sizes, the
dislocation structure at a given strain will depend upon grain size and this
my well give rise to a variation in the friction stress.

In the present paper, it is suggested that such a variation does
happen in the a-brasses. The argument is that the strain-hardening has a
grain-size-dependent com t, 8o that part of the friction stress becomes
incorporated in the ke L'~ term in equation (2) and this accounts for the
increase in kg with strain.

To develop this argument, the details of the strain-hardening have
to be considered.

It 18 clear from Figure 1 that the principal strain-hardening effect
appears in crof. Figure 3 shows that it is a linear hardening. Purther, it is,
of course, independent of grain size (since grain size effects are extrapolated
out in obtaining o‘of), and it is independent of temperature and of composition,
except that linearity breaks down at smaller strains the higher the temperature
and the lower the zinc content. The rate of hardening is in the range /230 -
p/290, where p is the rigidity modulus. All this suggests close similarity
to Stage II hardening in f.c.c. single crystals, Enough has been argued
about the mechanism of such hardening to make further comment unnecessary, and
possibly unwise here.

Consider now the possibility of a grain-size-dependent strain-
hardening. In the high zinc alloys, the stacking fault energy is low, so the
wide separation of the partials confines them to the slip plane and inhibits
cross-glip. In this circumstance, grain boundary pile-ups rather than
dislocation networks should form in the strained condition. Consequently, L ,
the average slip distance of a dislocation, should be comparable to the grain
dismeter { .

It f is the dislocation density and b is the Burgers vector, then
at a shear strain y ,

Y='b L.

Thus, where L~ L , & fine grain specimen must have a higher dislocation demnsity
at a given strain than a coarse grain one. This will affect the strain-
hardening due to dislocation intersection.

Taking the shear stress 'z,' required for intersection as

.
S “/"‘f"
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vhere of is a constant, it follows ﬂu.t&
z'l o 40 ‘ ¥

Using the Taylor orientation factor m to convert to tensile stresses and
strains (1) and putting L. = £,

b b

E 7% ‘l; ”._ "”t
g"t [- W N /g‘ €< 4 Xy (3)
Thus, on this model, which depends upon having L~ ¢, there 1d be a

parabolic strain hardening term that is proportional to £~ *
* .’ -”

The total strain-hardening at € will then be ( s + A% £
where X and s are constants andx:'i. 1'3 the linear hardening that is extrected
into 0,f in equation (2) and 3’ v is the parabolic hardening that
will appear in k¢.

We now add to this a belief that the limiting grain boundary
resistance to slip band formation arises when dislocations are forced out from
the grain boundary at the end of a slip band and that the stress required
depends principally on interaction with alloy atoms segregated in the boundary.
This resistance -h%m then remain fairly close, whatever the strain, to the
original value k< given by equation (1) for the ylield point.

With these conclusions and provided the strain does not atfect the
process responsible for the initial friction stress o,, the flow stress at
should be given by

[/ ~’/a—
o‘+ H d.“' X'—"' (A"" ﬁ"h)(‘ eeesesccee (4)

Comparison with equation (2) gives
o'.j ] o'.o -+ js.’

k » (k+ pt")

Thus, it is concluded that the increase in k¢ with "szn observed with the high
zinc alloys aﬂ”l_.’é‘ﬂ the incorporation in k¢ £ of the parabolic straim
L

hardening A% in addition to the grain boundary resistance k £

¥,
_yfbe value of 8 from (3) is o m~t s * , which gives
1.9 kg mm s Using a = 0,2 from Bailey and Hirsch (2). The present
measurements on ks for the 25, 30 and 35% Zn alloyg at 77°K agree with
equation (4), and give a value of p = 1.6 kgmm '~

S8ince the parabolic hardening is attributed here to dislocation
intersection, temperature-dependence is a possibility and the smaller increase
in kg with strain at 295°K compared to 77°Kk, shown in Pigure 3, is consistent
with this.

Current theoretical ideas on the theory of strain-hardening are
rather fluid and it may be that developments in this field will require a
modification of the present attribution of parabolic hardening to dislocatiom
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intersection. The point that we wish to emphasize is not so much this attribu-
tion a8 the existence of the parabolic grain-size-dependent term.

Consider now the drop in ky with increasing strain that occurs with
the low zinc alloys and even with the high zinc ones at larger strains (Figure 32).

The low xinc alloys have a high stacking fault energy, so cross-slip
and the development of a dislocation cell structure can be expected at an early
stage in the plastic deformation. Even with the low stacking fault alloys,
cell formation should eventually occur.

Once cell structure is present, it is improbable that the slip distance
is fixed by the grain size, so the basis for equation (4) and for the ps"",(,' +
term disappears. With a strongly developed cell structure, this, rather than
the grain structure, may become the significant unit in plastic deformation.
Thus, the reduced significance of grain size shown by a drop in ks in Figure 2
is thought to be due to cell formation when cross slip occurs. This condition
is also associated with the departure from linear hardening of oof.

The conclusion from this study is that when the dislocations are
confined to their slip planes, the dislocation structure developed on
deformation gives a flow stress that follows equation (4), but once cross-slip,
leading to cell formation, occurs, the significance of the grain size decreases
and a,f shows departure from linear hardening.
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DISLOCATION DYMAMICS OF YIELDING AND FRACTURE
by
G. T, Hahn, C. N, Reid, and A, Gilbert
Battelle Memorial Institute

INTRODUCTION

Many recent cbservations on the submicroscopic scale have
revealed the presence of both regular and irregular arrangements of
dislocations in crystals. Such submicroscopic features fall under the
general heading of substructure, Of these dislocations many are
fmmobile, while the rest are free to move under the action of an
applied stress, Study of the mobile dislocations has led to the
development of a treatwent which may be termed Dislocation Dynamics,
the object of which is to predict deformation behavior from a knowledge
of dislocation parameters,

The dislocation dynamics practiced in the 1950's accepted that
the generation of mobile dislocations is difficult but their movement
through the lattice is easy. Consequently, the processes for gmratiné
free dislocations--nucleation, unpinning, or multiplication--were re-
garded as rate controlling. More recently, however, the opposite view
has gained support. This has come about largely through the work of
Johnston and Gihlsl{t the G. E. Research Laboratory, who made three
important contributions. First they showed by direct measurement
that dislocations do not accelerate freely in lithium-fluoride crystals,
but travel with a well defined velocity. Secondly, they formulated a
concise statement of the dislocation dynamics of flow in terms of the

velocity of the dislocations and the mmber moving. Finally, they used
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this expression to calculate from the basic dislocation parameters a
stress-strain curve of lithium-fluoride crystals., 8ince them, disloca-
tion velocities have been measured in a mumber of other materials,
including h-3.258§.2’csx)yltall, ulicog:) gemnim‘l:’s}nd mntc‘n‘,) and the
treatment extended to describe other features of yielding such as the
strain rate dependence of the yield stress, the delay time for yielding,
and the Luders' bans.n These studies tend to identify the dislocation
velocity, rather than the rate of generation, as the more important

variable,

Dislocation Velocit

Johnston and Gilman measured dislocation velocity in the
following way. The surface of a crystal was indented to produce free
dislocations, whose positions were revealed by etch-pitting., The crystal
was then stressed for a known time and re-etched, The pitting technique
was such that the old and new positions of the dislocations were dis-
tinguished., They found that the distance moved at any given stress was
proportional to the time duration of the stress, and from this they
calculated a mean velocity. This i{s not to say that the dislocation
moved through the lattice with constant speed, as is shown schematically
in Figure la. For example, evidence exists that dislocation movement
on the atomistic scale proceeds discontinuously by thermal activation
at a suécession of barriers, The motion may therefore be looked upon
as a repeated sequence of release and arrest, as shown in Figure 1b.
Since only one segment of the dislocation may be stopped at any one

time, Figure lc may be a truer representation.
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Figure 2a shows the cbserved variation of dislocation velocity,

v, with shear stress, T, in LiF, The dependence may be described by the

formulae:
‘v Ac-!én' , (1)
Fell) @
[}

Equation (1) applies to LiF over the entire velocity spectrum, whereas
Equation (2) is applicable at low velocities in LiF and also over the
more restricted velocity range investigated in other materials, The
values assumed by m and T, are characteristic of a material, and Table 1
summarizes published values of m,

Johnston and Gilman were also able to measure the velocity in
slightly deformed crystals., The results of these experiments, shown in
Figure 2b, illustrate that the dislocations still display essentially
the same velocity-stress relationship, except that the stresses
associated with any given velocity are greater. This increase in stress
corresponds closely with the amount of work-hardening displayed by the
stress-strain curve, One may say that the effect of the applied stress
is reduced by an amount equal to the work hardening increment, but more
research must be done to see if this view is really justified. Assuming
8 linear work-hardening rate, Equation 2 can be modified as follows:

m
Ve {:--g:’-} 3)
o

Having described the relationship between the applied stress

and the resultant dislocation velocity, one other major variable remains
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TABLE 1. VALUES OF m PUBLISHED IN THE LITERATURE

MATERIAL " TEMPERATURE -
si 600-900 C 1.4
Ge 420-700 C 14-19
InSb 218 C 1.87
GaSh 450 C 2.0
w R.T. 50
w -19%C 14.0
Fe-3.255i, {110} SLIP -19%C “
Fe-3.258i, {110} SLIP -7m7¢ ]
Fe-3.255i, {110} SLIP R.T. 3
Fe-3.258i, {110} SLIP 100 C a
Fe-2.255i, {112} SLIP -77¢C Q2
Fe-3.255i, (112} SLIP -4 C Q
Fe-3.255i, {112} SLIP R.T. M
LiF ' R.T. US5a2

258



before dislocation dynamics can be spplied, namely the number of disloca-

tions actually moving,

Dislocation Density

It is known that most annealed crystals possess a grown-in
dislocation density of about 106 to 108 cm/cm3. In certain cases, how-
ever, these dislocations are tightly bound by impurity atmospheres or
precipitates, and when the crystal is stressed, these grown-in dislocations
frequently do not move, Instead, mobile dislocations are produced either
by heterogeneous nucleation or unpinning at points of high stress such as
inclusion particles or discontinuities at the grain boundaries, Pre-
cipitate particles are particularly effective sites for nucleation, An
example of this is presented in Figure 3, which shows dislocation loops
produced by pracipitate particles in unalloyed chromium, and revealed
on the surface by etching., The dislocations produced in this way then
move through the crystal and multiply rapidly, probably by the double
cross-slip mechanism. As a result, the dislocation density increases
rapidly as the material is deformed. The change in dislocation density
with strain has now been studied in a number of materials by etch pitting
and by transmission microscopy. Such studies, however, do not permit a
distinction to be made between dislocations which are immobile and those
which are able to move, The only experimental evidence currently in
the literature concerning the fraction, £, which is mobile, is due to
Patel and Chaudhurﬁ) They were able to infer the value of £ in a few
isolated cases involving small strains and report values in the range
between 0.08 and 1, It is unlikely that £ is a constsnt except perhaps

in the early stages of ylelding, and the formulation of £ from experiment
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NUCLEATION OF DISLOCATIONS BY PRECIPITATE

PARTICLES IN CHROMIUM(36),

FIGURE 3,



or theory is a problem deserving of more attention. In the absence of
such a formulation however, the assumption is made that the total density,
P, is simply related to the mobile denuity,b'.

Typical examples of the rate of increase of total dislocation
density with strain are presented in Figure 4, which shows results

obtained at Battelle for a mild steel using transmission electron

8 3

microscopy. The dislocation density increases from about 5 x 100 cm/cm

10

in the annealed material, to about 10" after 10 per cent deformation. These

experiments were carried out at three widely differing strain rates, about

5 per second, 1()"2 per second, and 1.03 per second, a range of nearly

10°
eight orders of magnitude. The figure illustrates that the rate of
multiplication in this material at least is relatively insensitive to
strain rate, This is illustrated qualitatively in Figure 5, which shows
examples of the transmission micrographs that were obtsined at the three
different strain rates, The main difference is that the dislocation
segments tend to be more straight and parallel at the highest strain
rate,

The experimentally measured dislocation densities can be

described by an equation of the form:

pup,+ced, )
where p  represents the initial dislocation density and C and B are
multiplication parameters. Values of P are in the range 1/2 ® 3/2, but
are usually close to 1. This expression describes the total number of

dislocations that have been generated and does not distinguish between
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FIGURE 4, INCREASE OF DISLOCATION DENSITY WITH STRAIN IN MILD STEEL
DEFORMED AT DIFFERENT RATES.
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the ones that are still mobile and those that have become arrested. The
relevant parameter is the mobile density, which can be described, at

least in a very approximate way, by the equation,
p=p "+ fCe, . )

where po' represents the number of dislocations initially mobile and f
the fraction of the dislocations subsequently generated that is mobile,

Table 2 summarizes available information regarding the value of
the multiplication parameter, C, These values show that there are signifi-
cant differences in the rate of multiplication. The results for copper,
for example, show that multiplication is more rapid in polycrystalline
samples than in single crystals, Consistent with this, Kel'fsluveatigated
the rates of multiplication in iron of two grain sizes, and found the
rate to be higher in the fine grained material.

Utilizing the above data, dislocation dynamics can now be
applied to describe plastic flow in response to a variety of loading

conditions.

DISLOCATION D ICS

The new knowledge of the velocity of dislocations and their
rate of multiplication is important in its own right., However, its
significance was not fully appreciated until Johnston and Gilman formu-
lated a concise statement of the dislocation dynamics of fiow. They
pointed out that the deformation accompanying the application of stress

consists of an elastic and a plastic contribution. For instance, in a
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TABLE 2 . VALUES OF THE DISLOCATION MULTIPLICATION PARAMETER

C- dp FOR A VARIETY OF MATERIALS
de ..1%
S: SINGLE CRYSTAL
MATERIAL P: POLYCRYSTALLINE C (cMs? . PER CENT)-!

copPER (10-12) s 39 X 106
P 5x 108
LITHIUM FLUORIDE (1) s 1x 107
GERMANIUM(42329) s 480 X 106
NioBium (13) P 4x10°
TANTALUM (14) P 1.7 X 1010
moLYBDENUM (1) P 8 X 108
TUNGSTEN (©) s 2x 107
' 1roN (8) P 1.5 x 10°
mLD sTeeL (16) P 2.4 X 107
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constant strain rate test, the strain rate, ¢, imposed by the machine
must be matched by the sum of the elastic and plastic components, ¢ o

and ‘p' of the strain rate in the specimen,
¢ = Ge + ‘P 6)

The elastic contribution can be expressed in terms of the rate of stress
application and a modulus, M, which reflects the stiffness of the test
bar, grips, and supporting members., The plastic contribution is given

by the equation(n)

¢ =050 p° v )

vhere b is the Burgers vector for slip, and 0.5 arises from geometrical
considerations. Equation (6) may therefore be written
1do . s
é-ndt+0.5bpv (8)
where o refers to tensile stress, Substituting in Equation (8) from
Bquations (3) and (5) yields
l ﬂ P - m -n

¢ = watt 0.5b (po + fc:p) (o q.P) (oo) (9
the shear stresses, T and ‘To from Equation (3), being replaced by the
equivalent tensile stresses O and oo. This differential equation may be
solved to describe the ltteu-str'ain relationship for a single crystal.

The behavior of polycrystalline samples is complicated by
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the variation of the resolved shear stress from grain to grain owing
to the different grain orientations, the anisotropy of the modulus and
the constraints imposed by neighboring grains. In principle at least,
the deformation of polycrystalline samples can be described by a summa-
tion over all the grains of the aggregate., It should be noted that
such parameters as po, f, ¢, and q may depend on grain size, a fact

Conrad has used to derive the yield stress grain-size relation fot

steef.la)

Application to Yielding

Johnston and Gilman first used the dislocation dynamics
approach to calculate the stress-strain curve of lithium-fluoride
crystals., When an empirical correction is made for the effect of work
hardening, and plausible values adopted for £ and po', the curve calculated
from Equation (9) agrees very well with that determined experimentally,

More recently, Johnstor(nltgnzs solved the equation for simple
tension with the aid of a computer for various values of the parameters
m and P‘;. Figure 6 demonstrates the influence of po' on the shape of
the stress-strain curve, all other parameters being kept constant. The
effect of m is illustrated in Figure 7a. These calculations show that
the inttial yield drop is a general feature of small values of po' and
small values of m, The predicted effect of po' (Figure 6) correlates
well with the observed occurrence of a yield point in annealed db,.c.c,
metals, and the observed absence of this phenomenon in prestrained
material, Furthermore, comparison of Figures 7a and 7b illustrates that
the predicted influence of m on the stress-strain curve is verified by
experiment for those materials where m has been measured.
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FIGURE 6. EFFECT OF p; ON THE SHAPE OF THE
CALCULATED STRESS-STRAIN CURVE,
ALL OTHER PARAMETERS IN
EQUATION (9) BEING CONSTANT
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a. Effect of m on the shape of the calculated
stress-strain curve

Stress, arbitvary units

Si w Lif Fe-325Si | Cu
(800C) (25¢C)  (25C) (25C) (25C)
ms|4 m=5 msi6 m=40 m~100
o
Elongotion

Experimental stress-strain curves for materials
where values of m are known

FIGURE 7
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8t Rate e of Yield

At the upper or lower yield stress, the ﬁ term of Equation (9)
is sero, and the plastic strain is so small that the work hardening term
can be neglected. Equation (9) then reads:

“R

4 n
¢=05bop cy % 10)
Taking logarithms of both sides
log & = log (0.5 b p° ao") + m log ay
or log ¢ = m log ay + CONSTANT (11)

This may be compared to the long established empirical equation describ-

ing the strain rate dependence of the yield stress:
log é = o’ log oy + CONSTANT (12)

A comparison of Equations (11) and (12) affords an indirect method of
determining m. Table 3 compares values of m” to values of m determined

directly. The agreement is good.

Delay Time

The delay time, t 4’ can be regarded as the time taken for a
material under constant stress to deform to the minimum detectable

strain, say ¢, Under these conditions do/dt = 0 and Equation (9) can
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TABLE 3.

COMPARISON OF THE DIRECT AND INDIRECT

METHODS OF DETERMINING m

" o o L
LiF (5 s 1,520
Fe-81 (5) wes® 45D
(P) 4821
voo® 702
Voo 5(6)
Mo 14(23) 10-15¢2% 14(23)
Steel & < 1 20-50(23+26) 30(27:28)
é>1 10-15¢9 10-15¢29
Cu ~200 39
Ag ~30081)

§ = SINGLE CRYSTAL

dlnv
n dino
m'. dlni
d1lno

P = POLYCRYSTALS

dlnt
fo- d

d1lngo

o’’’ _d In u

dlnoc
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be rewritten:

d
dcp . .
0.5 b (p,” + fCe) (o)™ @" (13)
cp =0 0
This may be evaluated:
o, ™ .
D (1""%:")'% (14)

The delay time may thus be calculated as a function of stress, Figure 8
shows the results of such a calculation, performed using constants appro-
priate for steel, compared to experimental determinationms.

From Equation (14) we may write:
2£C
b

m fCe’
log { o, In (1+ Tr)} -mlog o= log t, (15)

o

or since the first term is constant,

d log t4 .
m=-3dlogoc O (16)

The term on the right (called m’") represents another indirect method of

determining m. In Table 3, a comparison is made of m, n” and m’’ for

instances where this is possible, and the agreement is encouraging.
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18ders’ Bands

The variation of strain with distance along a test piece exhibit-
ing a L8ders' band can be calculated and compared with the results of

experiments, If x {s distance from the band front, then

de de
-2 . 2 4t ‘
& " & Cdx an
For steady state Liders' band propagation, % is constant, u., Thus,
s
dx " u (18)
Thus,
de dx
v @
and

de x
5 @

The stress, O, at any point along the band is given by
L4
o =0y (1 + cp) (21)

where O'LY is the load on the specimen at the lower yield point divided
by the initial cross section.

Substituting in Equation (20) values of ¢ from Equation (9)
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and the value of 0 from Equation (21), we obtain:

x de
- P

= . - (22)
u _[.5 b (p,” + fCe) (ao)'" {ofy 1+ ) - q cp}"

since at the lower yield point do/dt = 0, By graphical integration we
can solve this equation and thus calculate the variation of strain with
distance--that is, the strain profile of the LUders' band, There is
good qualitative agreement with experiment, as is shown in Figure 9,

There remains another indirect method of determining m. This is
based on the postulate that there exists a simple relationship between
the velocity of a Lllders' band front and the average velocity of the
dislocations at the front, This would be the case if for example the
band propagated by the injection of mobile dislocations from the band

front into the otherwise undeformed matrix, Let the relationship be

u = kv (23)
m _ -m
mko %
Therefore,
d 1 X X4
me 4_122% LR ] (24)

»

The term on the right will be called m’’’., Figure 10 gives an idea of
the usefulness of this relationship: the slopes of the lines represent
m” and m”’” for steel and molybdemm, The agreement is good, and the
numerical values appear in Table 3,

The results of Table 3 are important for two reasons, First,

275



—TD
6l— Owen etal (-196C) _

_ — laylor and Malvern
-~ (-69C)

/ ~== Calculated Profile

Measured Profile )
l — Slow strain rate
-== Fast strain rate

Plosflc S"O'ﬂ, €p (%)

| jTaylor ond Molverﬁs()l'/ C)

Distance Behind the Luders Front x(cm)

FIGURE 9. RESU%S OF LUDERS' BAND STRAIN PROFILE CALCULA-
TIONS."’ STRAIN PROFILES PRESCRIBED BY EQUATION (22).

276



O,V  Stroin rale dependences of the yield stress
@,8,A Stress dependence of Liiders' band velocity

Steel 2729

s

44 45 46 47 a8
Loq‘Lowu' Yield Stress, psi

FIGURE 10, A COMPARISON OF m’ AND m’°’

277

49

3.0



they lend added support to the theory. 8econdly, they show that the
stress dependence of dislocation velocity can be inferred indirectly
from other measurements which may be more convenient., For example,
the values of m for copper and silver have not been measured but it
can be inferred from the values of m” that these must be relatively
large numbers,

In general then, it can be said that the dislocation dynamics
approach describes the yielding of metals very accurately and can there-
fore be used with some confidence to predict yielding under conditions
that cannot be readily handled experimentally, This will be illustrated

with one example, namely yielding in the vicinity of a moving crack,

Fracture

-

It is essential that a treatment of cleavage in plastic materials
should take account of the effect of plastic flow, For example, the
stresses that will cause an existing crack to grow will also tend to
produce deformation at the crack tip. Such deformation will blunt the
crack and redistribute the stress thereby making inappropriate the
claasical stress field solution of Inglia(?a)An adequate approach, therefore,
demands a stress field solution that is responsive to deformation at the
crack tip. Furthermore, it is necessary that the kinetics of this
deformation be known, together with the fracture strength of the material,

Previous attempts at a solution have relied on a modification
of the surface energy in order to account for the work done by plastic

flow, Unfortunately, this approach ignores the fact that the stress field
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of the propsgating crack is modified by deformation, and consequently is
of limited usefulness.

The model to be described attempts to fulfill all the above
requirements and consists of a partially relaxed crack the relaxation of
which is described by Dislocation Dynamics,

The model, illustrated in Figure 11, consists of a two-
dimensional sharp crack of length 2a, whose tip is surrounded by a
circular plastic zone of radius, r, Stresses within this zone are
assumed to be substantially relaxed, The extent of the plastic zone is
defined as the locus of points where flow begins to occur rapidly, for
example where the plastic strain reaches a value of 0.1%. Under these
conditions, the crack-plastic zone complex is equivalent to an elliptical
hole of semi-major axis, a, and root radius, r. The stress concentration
factor, @, in advance of this "™hole™ can be evaluated from equations
derived by Inglis as a function of a/r. The variation of @ with distance
from the "hol# is illustrated in Figure 12, where it may be seen that the
stress gradient close to the elastic-plastic boundary is very steep,

The principle of the calculation is presented in Figure 13,
and is directed toward the evaluation of r, and hence &, A crack is
assumed to be propagating toward a volume element dV with a velocity U,
As the crack approaches, dV experiences a rising stress, (illustrated in
the lower diagram) under the influence of which it flows. The condition
for the solution of the calculation is that the arrival of the "hole”
coincides with the strain in dV reaéhing a value of 0,12, Dislocation

dynamics provides a unique means of calculating this deformation.
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Recalling Equation (7), the plastic flow of dV may be written:

de . -] m
ép el 0.5b (p° + fCep) (5;) (25)

Since under the present conditions, O is a function of t, the equation

may be rearranged

de m
= Jo dt (26)
~-m
+ chp) (co)

rd

0.5 b (po

The local stress, o, experienced by dV is actually the product of the

nominal stress, and the stress concentration factor, a.

“NoM’

o= Ouom * @ (x) (27)

where a(x) implies the dependence of & on the distance, x, between dV and
the "hole*, Since however the crack propagates toward dV with constant
velocity U, x and t are related:

U= -dx (28)

The limits and base of Equation (26) can now be changed from (t) to (x).

001 . - a
de . (ONOM) _
5B (p,” + fCe ) @)™ v la(x)]" ax 29)
° x>a
Let
ey [ °
O,
Ng" lax)"ax & I
x>>a
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The left-hand side can be integrated analytically and evaluated for given
material parameters. The right-hand side must be integrated mumerically
and the equality of Equation (29) holds only for one value of a/r (@ being
a function of a/r), This may be determined by evaluating I for various
values of a/r and plotting the graphical relationship between them, The
magnitude of a/r corresponding to the left-hand side may then be deter-
mined.

The geometry and stress field of the propagating crack are now
enlved; the solution is sensitive to the values chosen for the parameters,
m, U, C and po'.

In Figure 14, the plastic zone size, r/a, and the maximam stress
concentration, a*, have been determined for various values of m as a
function of the crack velocity. The calculations were performed for the

case where the applied stress, is half the yield stress, 0 _, in a

oNDM y

slow tensile test, Consequently, the maximum stress, 0%, ahead of the
crack may be expressed in terms of oy. It can be seen that as the crack
velocity increases and the time available for plastic relaxation decreases,
the plastic zone size becomes progressively smaller. Effectively the
crack is blunted to a lesser extent, and consequently higher stresses are
generated at the crack tip. The calculation was made for different

values of m, The value, m = 5, is characteristic of tungsten. It can

be seen that for a fast moving crack in tungsten, stresses of the order

of 100 times the yield stress are generated, which approaches plausible values
for the theoretical strength, It would therefore be expected that in this
material crack propagation by cleavage could occur readily. On the other
hand, the stresses generated in materials characterized by higher values

of m are much lower, It is, therefore, understandable that f.c.c.
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materials, such as copper or silver, that are characterized by m values
of the order of 100, would be unlikely to suffer cleavage fracture,

The effect on o* of initial mobile dislocation density, po',
and multiplication rate, C, is illustrated i{n Figure 15. It is apparent
that dislocation locking is detrimental, giving rise to larger values
of 0%, Comparison of Figures 14 and 15 shows that for a given crack
velocity, % is more sensitive to m than to changes in C and po' over the
range of these parameters encountered experimentally.

It must be emphasized that the treatment of crack propagation
developed in this section is approximate and not rigorous. No attempt
has been made to take into account constraints imposed on yielding by
continuity requirements at the elastic-plastic boundary. The postulated
shape of the plastic zone is in itself a basic assumption. Finally, the
present calculations are valid for conditions of plane stress: the case
of a through-crack in a sheet of thickness, t, when r >> t, but not for
plane strain, i.e,, r << t. 1It, therefore, seems likely that the results
given in Figures 14 and 15 overestimate plastic relaxation and under-
estimate the level of stress generated at the ciack tip. 1In spite of
these difficulties, the model does provide useful insights and serves
to illustrate the potential usefulness of dislocation dynamics in the

treatment of fracture,
CONCLUSIONS

1. A review has been made of current knowledge concerning dislocation

multiplication and mobility. Observations are summarized of the
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increase in dislocation density produced by deformation, and
the mobility of dislocations in annealed crystals. Experi-
ments do not yet distinguish between mobile and arrested dis-
locations., As a consequence, the magnitudes of the initial
density of mobile dislocations o and the mobile fraction f

of those generated by straining are in doubt. Furthermore,

the mobility of dislocations in cold-worked crystals is not
known.

Application of Dislocation Dynamics has made possible a quanti-
tative description of the yield point phenomenon. Although the
treatment has been applied mainly to single crystals, it satis-
factorily predicts the strain rate dependence of the yield
stress, the delay time for yielding, and features of the
Luders' band in polycrystalline metals.,

Dislocation Dynamics has been used to calculate the influence
of deformation parameters on the response of materials to a
running crack. These calculations indicate that m is the most
influential material parameter, small values of m favoring

cleavage crack propagation.
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YIELDING AND FLOW OF THE B.C.C. METAIS AT LOW TEMPERATURES
Hans Conrad
Materials Sciences laboratory

Aerospace Corporation
El S8egundo, California

ABSTRACT

The available experimental data on the mechanical behavior of the B.C.C.
transition metals at low temperatures (< 0.25 Tm) are reviewed and analyzed to
establish the rate-controlling mechanism responsible for the strong temperature
and strain rate dependence of the yield and flow stresses. The activation energy
H, activation volume v¥*, and frequency factor v were determined as a function of
the thermal component of the stress t*. It was found that E, (v* =1 l’¢/-2)
¥ 0.1 ub> vhere y is the shear modulus and b the Burgers vector, v* ¥ 50 bJ at
™" =2 Kg/na, increasing rapidly to values in excess of 100 b3 at lower stresses

and decreasing to 2-5 b3 at high stresses (50-60 !q/-a) and y = 1.06 a2 nc'l,

- 10
the higher values of v generally being associated with the purer materials. H
and v* as a function of stress were independent of structure. This along with
other observations indicates that thermally-activated overcoming of the Peierls-
Nabarro stress is the rate-controlling mechanism. The values of Bo and the change
in H with stress at low stresses are in agreement with those predicted by Seeger's
model for the mucleation of kinka. The Peierls-Nabarro stress and kink energy
derived from the experimental data are spproximstely 1072, and b x 1072 3
respectively.

The experimental data suggest that the yield point in the B.C.C. metals is
associated with the sudden multiplication of dislocations by the double cross-slip

mechanism, vhich in turn is controlled by the motion of dislocations through the
lattice. Stress-strain curves for mild steel calculated on the basis of this mechan-
ism are in good agreement with the experimental curves.
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YIELDING AND FLOW OF THE B.C.C. METALS AT LOW TEMPERATURES

Hans Conrad .
Materials Sciences Laborstory

Aerospace Corporation
El Segundo, California

Introduction

A Qistinguishing feature of the B.C.C. metals, as compared to the close-
packed (C.P.H. and F.C.C.) metals, is the strong effect of temperature and
strain rate on the yleld stress at low temperatures (T < 0.2 1'.); see, for
example, Figs. 1 and 2. (T is the test temperature and T, is the melting
temperature.) An understanding of this difference is of techmological, as
well as scientific interest, for the ductile-~-to-brittle transition in the
B.C.C. metals is related to the strong temperature and strain rate dependence
of the yield stress.

A mumber of thermally-activated dislocation mechanisms have been pro-
posed to account for the strong temperature and strain rate dependence of
the yield stress of the B.C.C. metals. In chronological order, these are:

1. Breaking away from an interstitial atmosphere (1-4)

2. Overcoming the Peierls-Nabarro stress (5_9)‘?

Non-conservative motion of jogs (11-13)

4. Overcoming interstitial precipitates (1%)

5. Cross-slip (15)
There is some experimental support for each of these mechanisms, making it
aifficult to decide which one is actually rate-controlling. From a review

1'Henlop and Petch (10) first suggested that the strong temperature dependence
of the yleld and flow stress in iron might be aue to a high Peierls-Nabarro
stress. However, they attributed the temperature dependence to a change in
width of the dislocation with temperature rather than the contribution of
thermal fluctuations to overcoming of the Peierls-Nabarro stress. Their
suggestion does not account for the strong effect of strain rate on the yield
stress.
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of the experimental data available at the time for iron, Conrad (6) concluded
that best overall agreement was for thermally-activated overcoming of the Peierls-
Nabarro stress. Subsequent work on iron (8,16) supported this conclusion. More
recently, Conrad and Hayes (9) analyzed the available data for the Group VA (V, Nb,
Ta) and Group VIA (Cr, Mo, W) metals and again concluded that the rate-controlling
mechanism at low temperatures was overcoming the Peierls-Nabarro stress. A similar
conclusion was reached by Basinski and Christian (5) for iron and Christian and
Masters (7) for the Group VA metals.

In the present paper pertinent data for all the B.C.C. transition metals are
reviewved (including some more recent data [7,13,17-19])* and the question of the
rate-controlling mechanism during low temperature deformation re-examined.

Experimental Data
I. [Effect of Temperature on Yield and Flow Stresses
1. Mcro-deformation

6 and a strain rete of ~ 10°3

Bwploying a strain sensitivity of 4 x 10~
sec™l, Brown and Bxvall (15) found that the stress-strain behavior of ultrapure
(~ 0.004 wt % interstitials) and impure (~ 0.04 wt % interstitials) iron consisted
of three distinct regions; Fig. 3.

A. qxﬂ is the stress where a hysteresis loop is first observed upon
loading and unloading and represents the first evidence of dislocation motionm.

4

og Was ouly observed after previcus straining (e =20 to5x 10'2).

fSonrees of data in addition to those mentioned in the text are given at the
end of the bibliography. Also given there are the references pertaining to

the Figures.
"Wxt the prerent paper ¢ will be used to designate tensile stress and r

shear stress. It will be assumed that r = 4 ¢. Similarily, ¢ is the tensile
strain rate and y the shear strain rate; y = 0.T &.
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B. is the stress at wvhich a permanent strain first occurs; i.e. the

A
lowest stress at vhich tL. hysterisis loop does not close. This is generally
the same as the stress at vhich a deviation from linearity can be measured and
is usually called the proportionsl limit.

c. op is the commonly called yield or flow stress.
Brown and Ekvall found that cg Vas independent of temperature (between 300° and
78°K) for both the impure and pure irons. The variation of g, with temperature

is shown in Mg. 4. for the locked state (undeformed impure iron) here exhibits

%
abou’ the same temperature dependence as that previocusly reported (20,21) for the
lower yield stress (of annealed or strain-aged states) and the subsequent flow
stress of various impure irons (C + N > 0.015 wt %) and steels.’ On the other
hand, g, for the unlocked (deformed) state has a lower temperature dependence
than that for ylelding or for subsequent flow. Additional evidence that the
proportional limit N after prestraining has a weaker temperature dependence than
the flow stress gp of iron has been reported by Conrad and Frederick (8), Mg. 5,
and Kitajima (22).
2. Macro-deformation
The yield or flow stress v of B.C.C. metals can be considered to comnsist

of three components (6,10,20,21):

e () e ra? (1)
™ 1is the thermal component vhich depends on temperature T and strain rate y and
is associated with thermally-assisted overcoming of short-range obstacles. 1'“

represents the athermal component associated with long-range atress fields, is
independent of strain rate, and varies with temperature only through the t-par—

*Da.ta on the other B.C.C. metals also indicate that the proportionsl limit of
annealed impure (> 0.02 wt % interstitials) material has a temperature dependence
similar to that for the subsequent yield and flow stresses (9,20).
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ature variation of the shear modulus u. Kd."% is the component representing the grain
size effect. K is the slope of the plot of the yleld or flow stress versus the
reciprocal of the square root of the grain size 4 and for annealed impure material
is relatively independent of temperature and strain rate, when compared to v* (21,
23-26). When K is independent of grain size, Kd'* gives the Hall-Petch relation (27,
28). There are, however, indications (29) that K for both the lower yield stress
and flow stress is a function of the grain size and, therefore, that the effect of
grain size is not given by the simple Hall-Petch equation.

In the present discussion we are principally concerned with the effect of
temperature on the thermal component r* and wish to separate it from the others.
This is accomplished by sudtracting the stress at a given temperature T from that
at some reference temperature T° (6,20) (assuming that K is relatively independent
of temperature), i.e.

TT - TTo = o (T)'.Y) - ™ (TO)Q) = Ar* (Tiﬁ) (2)

Typical results on iron and tungsten are shown in Figs. 5 and 6. Similar plots
have been developed previously for iron (20) and the Group VA and VIA metals (9,
20). T as a function of temperature is then derived from such plots by taking
v* = 0 at the temperature '.l.‘o » obtained by extrapolating plots of log % versus
T to & value of ~ 5 x 1075 Kg/(nnn2 - %), where%%—{...%%m“andhence TN,

( -g-.;—* is obtained by graphical differentiation of average curves similar to those
in Figs. 5 and 6.) Plots of T* for yielding versus temperature for a strain rate
of ~ 10" sec™’ derived in this manner from the svailable experimental data are
given in Figs. 7 and 8. It is here seen that for the Group VA metals the variation
of t* with tempersture is relatively independent of purity and grain sisze (i.e.
whether the specimen is single or polycrystalline), while for the Group VIA metals

and ir~a, T* as a function of temperature is clearly depsndent on purity and grain
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size. For the Group VIA metals and iron, the upper limit of T* at a given temper-
ature is for polycrystals with interstitial contents 2 0.02 wt %; the lower limit
is for single and polycrystals with less than 0.005 wt % interstitials. Single
crystals and polycrystals with intermediate impurity levels exhibited a variation
of v* with temperanture between these two limits. In general, for the impure mat-
erials 7% at a given temperature was less for single crystals than for poly-
crystals of the same impurity content. Figs. 5 and 10 shov that previous ther-
mal treatment and deformation may also influence the temperature dependence of T*.

Values of T (to the nearest 50°K) for a strain rate of 1.0"‘ sec ! are given
in Table I. For the Group VIA metals and irom, 'l‘o for the pure materials is less
than that for the impure materials, whereas for the Group V metals there is no
significant effect of ir ity content 'I'o. This difference and the difference in
the effect of impurity content on the temperature dependence of T# may be related
to the higher solubility of interstitials in the Group VA metals compared to the
Group VIA metals and iron.

From Table I it is seen that the ratio T /T 4s 0.22 + 0.0k for all impure
polycrystalline B.C.C. metals. In a previous paper (9) it was shown that the
yield stresses of all the impure polycrystalline B.C.C. metals correlate rather
well on a single curve vhen t* is plotted versus the parameter (T'To)/Tm‘

Values of T# obtained by extrapolating the curves of Figs. T-9 to 0°K are
given in Table II. Because of the rapid increase in T* at very low temperatures,
there is some uncertainty associated with these values. However, if one plots
the logarithm of t* versus temperature, an approximately linear region occurs
at lov temperatures (see Fig. 11) allowing for an easier extrapolation. Extrap-
olation of this linear region to 0%k gives values of 'r‘g slightly higher than
those based on the linear plots; see Table II. Both methods yield values of 1-:
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of the order of 10'2p.

II. Effect of Strain Rate on the Yield and Flow Stresses

¥ig. 2 shows typical variation of the strain rate parameter Ag/A 1n ¢,
(Ao 1s the incremental increase in yield or flow stress for an increase in strain
rate from il to &2) with temperature for the B.C.C. metals.’ It initially increases
with decrease in temperature below '.l'o, goes through a maximm, and then decreases
again, aivprroaching zero as the temperature goes to absolute zero. It depends on
structure (i.e. on impurities and on thermel and mechanical history) in a similar
manner as does the parameter -ﬁ-;.:; compare, for example the effect of strain on
8/8 1n & and on §F for iron in Pigs. 2 ana 5.

Another type of experiment which also gives the relationship between the
Yield stress and strain rate is the so-called delay-time test employed by Wood
and Clark (31) and others (32). In general, the parameter 4g/A 1n t, obtained

from such tests, where td is the delay time for yielding, has a similar value and

exhibits the same trends as does the parameter Ac/A 1n g.

III. Activation Energy, Activation Volume and Frequency Factor for Deformation
1. General

It is now generally accepted that the deformation of metals may be
thermaliy activated, and if a single mechanism is rate-controlling, one can
write for the shear strain rate y

vy = pb8 = pbsy* exp (- gﬁ) (3)

vhere p is the density of dislocations contributing to. the deformation, b the
Burgers vector, 8 the average velocity of the dislocations, s the product of the
mmber of places vhere thermal activation can occur per unit length of dislocatiom

*lbrre detailed date on the variation of A'—r with temperature are found in Refs.
Alne
5,7,8, and 13.
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and the area swept out per successful thermal fluctuation, v* the frequency of
vibration of the dislocation segment involved in the thermal activation, and H the
activation enthalpy (energy) vwhich may be a function of the shear stress r and the
temperature T. For the B.C.C. metals it has been established (6,8,9,16) that K is
primarily a function of the effective shear stress t*, (i.e. the thermal com-
ponent of the yleld or flow stress) given by the difference between the applied
stress v and the long range intermal stress ty; i.e. v* = ¢ - mu. Further, one
can show that (33)

H=-k ;“l'r )ﬂ ()

- @-%ﬂ)r @%');, (k)

Rearranging Eq. 3 and differentiating, one obtains

- g k2 () (5)
k In (v

(5e)
)

where v-pbsv*and--&—f*iadaﬁnedutheectintionvohmr*. The value of

v can be obtained from the relations
E = kT 1n(v/Y) (6)

1n v .
or - TG-BT-X)T@-T—” in (9/Y) (6a)
1l ar
i.e from the slope of a plot of H versus T or a plot of @— versus — .
T >\.{ T @E'y)!

If vy is relatively independent of temperature and stress per se, the values of H,
v* and vy can then be derived from the relationships between stress, temperature
and strain rate obtained from the usual mechanical tests.f For polycrystalline

*Thenlues of H, v* and the product sy* can also be obtained from measuremsnts of
the effect of stress and temperature on dislocation velocity by replacing the
strain rate ¢ in Egs. L-6 with the velocity 8.
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B.C.C. metals (and also single crystals) a reasonable assumption is that r = i o)
and y = 0.7 s, vhere g is the tensile stress and ¢ is the tensile strain; also

is approximated by (4% ), forf:“ is small compared to .
T/\-{ T Y aT

2. Activation Energy, H

The variation of H with t* obtained from the available experimental data
is shown in Figs. 12-18. Essentially identical results were obtained from the use
of either Eq. 4 or 4a, supporting the validity of the assumptions inherent in these
equations. The curves drawn in these figures represent the author's interpretation
of the variation of H with 1% indicated by the data points. There 1s, however, some
doubt as to whether a change in curvature actually occurs at the low stress and, for
the most part, the data suggest equally well a rather rapid increase in H as r*
approaches zero. Of particular significance in Figs. 12-18 is that, within the
scatter of the data, H as a fuuction of t* is independent of the yielding or flow
phenomena considered (microcreep, delay time, proportional limit, upper yield stress,
flow and dislocation velocity) and of the structure (impurity content, grain size,
and previous thermal or mechanical history) for a given metal. In Fig. 19 it is
seen that H , the value of Hat r* =1 Kg/ma, is approximately equal to 0.1 pb3,
when comparing the various B.C.C. metals.*

A number of investigators (2,6,34-36) have reported that the activation
energy for yielding in iron decreases in a linear manner with the logarithm of the
total applied stress r. For comparison, plots of H versus log 1* are given in
Fig. 20 for the various impure polycrystalline B.C.C. metals.’® It 1s here seen

that for such plots there appears to be two linear regions, one at very low stresses

"The shear modulus values were derived from the relation p.-gk, where E is the
Young's modulus at To taken from Ref. 30.

ﬂme values of H and 7% plotted in Fig. 20 were taken from the average curves

drawn in Figs. 12-18.
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and the other at high stresses, vith a transition region in the vicinity of
™* = 1-5 Kg/m®. The slope in the high stress region is about 10 times that
in the low stress region. Extrapolation of the straight lines at high stresses
to H = 0 gives values of “’3 in reasanable agreement with those obtained by the
other two methods; see Table II.
3. Activation volume, v¥*

Typical variation of v* with t# is shown for Ta, W, and Fe in Figs.
21-23. There was agreement between values cbtained from Eq. 5 and Eq. S5a. and
from graphical differentiation of the curves of Figs. 12-18, except at the low-
est values of t*.' Fig. 24 shows that the activation volume as a function of
stress is similar for all the B.C.C. metals. The values given here were taken
from average curves such as those drawn in Figs. 21-23. It is seen from Fig. 24
that, for all of the B.C.C. metals, v* is about 50 b> at t# = 2 Kg/mm>, increasing
rapidly to values in excess of 100 'b3 at lower values of stress and decreasing
with stress to values as low as 2-5 b3. Again, as for H, v* as a function of
stress is independent of the ylelding or flow phencmena considered and of the
structure (i.e. of mechanical and thermal history).

4. Frequency Factor, v

Typical proportionality between H and temperature obtained for the
B.C.C. metals is shown in Fig. 25. Plots of the average curves of H vs8 T for
all the impure polycrystalline B.C.C. metals are given in Fig. 26. Average values
of y derived from such plots for both pure (< 0.005 wt %) and impure (> 0.02 wt %)
materials are given in Table III.

Additional evidence of the proportionality between H and temperature is
provided by the variation of the ductile-to=brittle transition temperature in

tmis disagreement will be discussed in a subsequent section.
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the B.C.C. metals with strain rate. Generally, a straight line is obtained vhen
the logarithm of the strain rate is plotted versus the reciprocal of the transition
temperature (37,38), suggesting a rate equation of the form ¢ = A‘-H/k'.l'. Taking
the logarithm of both sides of this equation and rearranging, one obtains

H = kT 1n A/¢ (see Fig. 27), which agrees with Eq. 6 vhen A = y. This is con-
sistent with the analysis of Eqs. 3-6, if the transition from ductile to brittle
bebavior occurs at a constant stress. The values of v derived from the effect

of strain ﬁw on the ductile-to-brittle transition are given in Table IV. ‘They
are in reasonable agreement with those obtained from the yield and flow stress
measurements listed in Table III, indicating that the ductile-to-brittle transitiom
temperature is determined by the dynamic motion of dislocations, as has been pro-
posed by Cottrell (40) and Petch (24).

Digcussion

1. Rate-Controlling Mechanism

The fact that the various relationships of Eqs. 3-6 gave the same values
of H, v* and v indicates that the postulated assumptions are valid, at least to
a first approximation. 8pecifically, this supports the contention that during
the low temperature deformation (< 2.0 T ) of the B.C.C. transition metals a
single dislocation mechanism is rate-controlling and that v is relatively inde-
pendent of stress and temperature per se. Furthermore, the fact that identical
values of H and v* were obtained for all yilelding and flow phenomena (and the
ductile-to-brittle transition) indicates that the same dislocation mechanism is
controlling in all cases and that this is associated with the motion of dislocations
through the lattice, as distinct from a generation mechanism, such as breaking away
from an interstitial atmosphere. Finally, the fact that H and v* as a function of
stress were independent of structure (i.e. thermal and mechanical history) strongly
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suggests that the rate-controlling mechanism is overcoming the inherent resistance
of the lattice, i.e. overcoming the Peierls-Nabarro stress. Further support for
the Peierls-Nabarro mechanism is that dislocations in the B.C.C. metals are often
observed to lie along the close-packed directions (4l-43). A swmmary of the
experimental evidence negating the other mechanisms mentioned in the Introduction
is given in Teble V.

A possible thermally-activated mechanisa for overcoming the Peierls-
Nabarro stress (energy) is that originally proposed by Seeger (L4) to explain
the Bordoni peak in F.C.C. metals and is shown in Fig. 28. It involves the
formation of a pair of kinks in a dislocation line lying in a close-packed
direction by the combined action of thermal fluctuations and the applied stress,
and the subsequent lateral propagation of the kinks along the dislocation line,
resulting in the forward motion of the dislocation. Seeger (U4) calculated the

activation energy for this process at low stresses to be

FENERE STl (M

vhere Hx is the energy of a single kink and -r: is the Peierls-Nabarro stress at
0°k. Purthermore , Seeger gives

Hx'né asoa.b1-°)* (8)
o

*’.lhe thermal component of the stress t#* has been substituted for the total
stress r in Seeger's equation.
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'r° ab2
and H = 57— (9)
B o b o)
= ———— %a
168.2 'Eo

where anmn the Peierls-Nabarro energy per atomic length, a the distance between
close-paciied rows, b the Burgers vector and Eo the line energy of a dislocationm.
Teking the average value of -r'; (from Table II) for 1'; and teking E = % .;ba, one
obtains from Eqs. 7 and 8, B (r* =1 xdma) To.1 @3, in good agreement with
measured values of H ; see Table VI. Furthermore, from Eqs. T and 8 one obtains
Be = 3-b x 1072 ;b3 and from Eq. 9, Hy, = 1-2 x 1073 1b3; egatn see Table VI.
Taking the derivative of Eq. 7 with respect to t* gives

'%’nﬂ“’“*:‘f' (10)

Values of H derived from the velues of v* at T* = 1 Kg/m2 are also given in
Table VI and are in agreement with those obtained from Eqs. 7 and 8. For com-
perison, values of Hy derived from the slope of the plots of H vs log T* (Fig. 20)
at low stresses (<1 Kg/ma) are approximately 1/6 to 1/3 those calculated using
Eqs. T and 8, vhile those derived from the slope at high stresses (> 10 Kg/ma)
are about 3 to 4 times larger. Agreement occurs in the intermediate stress range
(* = 1-5 Kg/m), vhere the plots show curvature.

The good agreement between the values of Ho and HK obtained from the
various relationships (Eqs. 7-10) indicates rather strongly that the nucleation
of kinks is the rate-controlling mechanism during low temperature deformation of
the B.C.C. metals. Although the derived values of ‘r;, H, and B, are somevhat
higher than those usually given for close-packed metals (45), they are in accord
vith those calculated usin; the original Peierls-Nabarro equations (46) and the
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more recent calculations of Kuhlmann-Wilsdorf (47) and Hobart and Celli (48).

The good agreement between the values of Bo and Blt obtained using only experimental
data and those obtained using B = % uba indicates .t the line energy in the
B.C.C. metals is very nearly % ubz.

According to Seeger (4k4) the width w of a kink is given by

v = .(Egp—:)i (12)

and the critical separation g#* of the kinks during thermal activation is

- 32 Bpy
H - Hy

2 Bpn

The values of w and of g*(at r =1 Kg/mz)obtained from Eqs. 11, 12 and 12a using

(124)

the aversge values of H, H,. and H (r* = 1 Kg/m") from Teble VI and taking
E = ] uba are given in Table VII. It is here seen that w = 7-10 b and
LH(r* =1 Kg/ma) = 12-22 b, vhich are quite reasonable. Again of significance
is the good agreement between values of g* from Eqs. 12 and 12a.

For the Peierls-Nabarro mechanism the frequency factor can be given

by

2 B G ) =
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vhere p is the density of dislocatims participating in the deformation, b the
Burgers vector, g% the length of dislocation segment involved in the thermal acti-
vation, L the maximum lateral spread of the kinks and Va the Debye frequency. The
first term within the brackets represents the number of places per unit dislocation
length vhere thermal fluctuations may nucleate a loop of length g%*; the second term
is the area of the slip plane swept-out per successful thermal fluctuation; the
third term is the frequency of vibration of a segment of length ¢¥*. Taking
p = 10° cm'a, 4% =10b, L = IO'h cm and v, = 1083 sec‘l, one obtains v = 108 sec-l,
in agreement with that observed experimentally for many materials; see Tables III
and IV.

Since H and v* as a function of T were independent of structure, the
effect of impurities, precipitates, grain size, dislocations and other aspects
of previous thermal or mechanical history on the temperature dependence of the
yleld or flow stress 1s then due to a change in the frequency factor vy, i.e. in
the number of dislocations p participating in the deformation or in the lateral
distance L a kink can move before encountering an obstacle. In this regard,
Conrad and Frederick (8) investigated the effect of straining and of interstitial
precipitates in iron on the temperature dependence of r*. Some of their results
are given in Fig. 3, vhich shows that a weaker temperature dependence results
from straining and from the presence of precipitates. Figs. 29 and 30 (taken
from their paper) show that the weaker temperature dependence is associated with
a larger value of v, given by the slope of the plot of H vs temperature. From
the relation v = pbsy* and taking the value of sy* derived from the dislocation
velocity measurements of Stein and Low (50), they obtained values of p, and their
increase with strain (see Table VIL) in agreement with dislocation densities
determined by Keh and Weissman (42) by thin-film électron microscopy, indicating
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that the increase in v was due primarily to an increase in p. They further concluded
from their results that precipitates represented good sources for dislocations, in
agreement with observations of Leslie (51) and Van Torne and Thomas (52).

From Table III it is seen that the weaker tempersture dependence of +*
for single crystals or pure polycrystals as compared to impure polycrystals in
the Group VIA metals and iron is associated with a frequency factor that is larger
by 3 to 5 orders of magnitude. These larger values of v cannot be due entirely to
a greater dislocation density p, for this would require unreasonably large values
for p. Rather, it appears that this difference in vy is primarily due to larger
values of L for the pure as compared to the impure materials, suggesting that
interstitial atoms or precipitates influence the extent to which the kinks can
spread before encountering an obstacle. Besides acting as obstacles to kink
motion, the interstitial atoms or precipitates may induce cross-slip, which in
turn limits the dislocation loop length on the slip plane. Of interest in this
regard are the observations of Schadler and Low (19), who report that under some
conditions dislocations in tungsten crystals can move long distances without
mltiplying, in agreement with the high values of y given in Table III for
single crystals of tungsten.

All of the above supports overcoming the Peierls-Nabarro stress by
thermally-activated nucleation of kinks as the rate-controlling mechanism in
the B.C.C. metals at low temperatures. However, explanation is needed for the
fact that in the vicinity of T, (1.e. ™™ = 0) H, for the most part, does not
increase as rapidly with decrease in stress (or increase in temperature) as is
expected from the values of v* or the straight line portion of the E versus
temperature curves at lower temperatures. As indicated earlier, the scatter in

the data allow for a more rapid increase in H than is indicated by the curves
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drawn in Figs. 12-18. The low values of H for stresses only slightly greater than
zero may then simply reflect the difficulty in defining *=0 exactly. Also, v
may actually decrease with increase in temperature (or decreese in s‘!:ress).1b On
the other hand, a different mechanism may become rate-controlling in the very low
stress range. Additional work is needed to resolve this problem.

Finally, one needs to explain the much smaller temperature dependence
of the proportional limit after straining and the fact that op» 88 defined by
Brown and Ekvall (15), is independent of temperature. Also, in recent invest-
igations on the determination of H as a function of stress in Ta by creep tests,
Chambers (39) found a spectrum of activation energies for very small strain rates
(10'6 - 1071 gec™l) rather than a single activation energy.'! There are two
possible explanations for these various effects:

(1) These phenomena represent the motion of those specific dislocations
located in the most favorable internal stress fields and the applied stress pri-
marily gives direction to the motion of these dislocations and does not contribute
significantly to the thermally-activated process.

(2) Another easier mechanism is rate-controlling at the very low
stress levels, for example the lateral motion of kinks, as proposed by Brailsford
(53), or the lateral motion of jogs as suggested by Chambers (S5k).

11 ooth cases the easier motion would soon die out and, to obtain gross mecroscopic
flow, the more difficult mechanism of nucleating kinks would become rate-controlling.

The rapid strain hardening associated with the early part of the stress-strain curve

f'l'he change in y may be the result of straining at different temperatures (or stresses)
rather than the effect of stress or temperature per se.

”As an upper limit, Chambers (39) reported an H versus stress relationship in agree-
ment with that given in Fig. 1k,

307



would then be an exhaustion hardening rather than an interaction bardening, which
occurs subsequently during mecro-flow. Here, also, additional research is needed

to resolve this question.

2. Yield Point and Work Hardening
The fact that K in Eq. 1 is relatively independent of temperature and
that the activation energy and activation volume as a function of stress are the
same for all deformation phenomena suggest that the yield point in the B.C.C. metals
is not due to the thermally-assisted unpinning of dislocations from their inter-
stitial atmosphere, as proposed by Cottrell (1), but rather results from the sudden
multiplication of dislocations by the double cross-slip mechanism of Koehler (55)
and Orowan (56), as proposed by Johnstonand Gilman (57) for LiF. In this latter
model the multiplication of dislocations is controlled by their motion through
the lattice, in agreement with the experimental facts. As pointed out previously
(16) three factors favor the occurrence of such a yield point in the B.C.C. metals:
(1) Initially there exists only a small number of dislocations which can
contribute to the plastic flow, due to the "pegging" of the available
dislocations by interstitial precipitates (as distinct from pinning
by an interstitial atmosphere).
(2) The dislocation density contributing to the plastic flow increases
very rapidly with strain. This is inherent in the double cross-slip
mechanism for multiplication, and has been observed experimentally in

iron by Keh and Weissman (42) and in molybdenum by Benson (58).

(3) The change in stress for a given change in dislocation velocity [@ﬁ)

or @i'n—o is relatively large; see Fig. 2.
To check the proposed interpretation of the yield point, stress-strain

curves for mild steel were calculated (16) using Eqs. 1 and 3 and the available
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information on the activation energy as a function of stress (Fig. 18), the
value of sy* derived from etch pit measurements in silicon-iron (6), the
increase in dislocation density with strain (42) and the increase in flow stress
associated with the increase in dislocation density (42). The good agreement
between the calculated and experimental curves is shown in Fig. 31. 8ince only
plastic strain was considered, the upper yield point was taken as the stress at
a plastic strain of 10'“, which is approximately the observed pre-yield micro-

strain in iron and steel.
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TABLE 1

T, and the ratio 1'0/‘!'. for pure (< 0.005 wt ¥ interstitials) and impure (> 0.02

vt § interstitials) B.C.C. metals for a strain rate of 10~

Metal

d=FQPI-

T, b ¢

2137
2
3269
2148
2883
3683
1810

TABLE II

b el
T %
Pure Impure
.- 500
500 500
600 600
.- 500
k5o 700
500 850
300 350

/T

Bure

0.18
OOm
0.16
0.14
0.16

Extrapolated values of T* to 0°K, 7%, Obtained by different methods.

Metal u’

x 103 xg/na

5.2
k.0
7.0
1.4
12.7
15.7
7.4

*

s mcgpoum-<

™ v T

60
58
60
1
78
100
k9

"’g: x‘/ma

log ™ vs T H vs log r*

65
65
67
9
105
165
65

n%\xnorthelhar-ubuumtakenuu-
300K taken from date by Tietz and Wilson (30

310

60
60
8o
8o
85
100
60

Avg.

62
61
69
83
89
122

58

Isgure

0.23
0.18
0.18
0.26
0.2h
0.23
0.19

(Arg.)/u
x 1072

119
1.52
-99
-T3
-T0
-8
-8

;/8 E, vhere E is Youngs modulus



TABLE III

The freguency factor y for the B.C.C. metals obtained fram yield or flow stress
measurements.

v (nc'l)
Metal Authors Pure Single Impure
or Polycrystals Polyc?ltsh
v Present aca mm
Christian and Masters (7) - 10
Nb Present 106 mg
Christian and Masters (7) --- 10
Ta Present 10$ J.()8
Chambers (39) 10 -1,
Christian and Masters (7) =3 107
Mordike (13) 10 .ae
Cr Present ce- 10°
Mo Present 1011 106
W Present mn 107
Fe Present (5) 1011 108
Basinski and Christian (5 .
Coarea (6) “a- mgn-’ 203,
Lean, Plateau and Crussard (:36) .- 10° - 10
TABLE IV

Values of vy derived from the effect of strain rate on the ductile-to-brittle
transition temperature (Date from Refs. 37 and 38.)

Metal v (nc'l)
cr 10%°
%o 108 - 1012
v 1042
e 108 - m:a
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Metal

TABLE VII

Values of w and g% derived from the experimental data.
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15
15
17
19

18



TABLE VIII

Effect of Strain on the Dislocation Density Participating in the Plastic Flow of

Iron Determined from the Frequency Factor vy (After Conrad and Frederick (8))

Material

Vac. Melt. Electro%ytic
Iron-W.Q. from 920°°C

Ferrovac ~ Decard.

Ferrovac - Annealed

Strain

1x10°3

5 x 1072

2 x 1072

10 x 10°2

20 x 1072

>5 x 1072

315

) (Sec-lz

2.1 x 107
8.2 x 107

6

1.7 x 108

3.8 x 10

5.3 x 109

5.3 x 107

P ‘cn'al

8.4 x 10°

3.3 x 109
1.5 x 10
6.6 x 10°

2.1 x 10

2.1 x 10
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Fi1c. 3 Idealized stress-strain curves for an
ultra-pure iron at two temperatures.

(AFTER BROWN AND EKVALL (I5))
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FIG. 7 VARIATION OF % WITH TEMPERATURE FOR

PURE (<0006 WT % INTERSTITIALS ) AND
IMPURE (>0.02 WT % INTERSTITIALS)
GROUP VA METALS. STRAIN RATE: |0-* sgc-!

60 ,
N l ! | ]
Y
40— IMPURE POLYCRYSTALS ]
20— |
o |
K
60 I T I |
o Nb
E 40— PURE AND IMPURE ]
E SINGLE AND POLYCRYSTALS
3
« 20}— —
b
o T
60
L l ! I
Ta
40— PURE AND IMPURE —
| SINGLE AND POLYCRYSTALS
20 |— —
o .
| I 1 | | !To
o 200 400 600

TEMPERATURE, °K
328



60

40

20

FIG. 8 VARIATION OF t" WITH TEMPERATURE

FOR PURE (<0.006 WT %
AND IMPURE (>0.02 WT % INTERSTITIALS)

GROUP VIA METALS,

INTERSTITIALS)

STRAIN RATE:. (10~ sec—!

K I I T I T I |
\\ Cr
\
— IMPURE POLYCRYSTALS 1
P —
| | | | |
{To
T ] T | I
Mo
—
IMPURE POLYCRYSTALS
_ﬂ
PURE SINGLE AND POLYCRYSTALS
—
pu—
1000

TEMPERATURE,
326

°K




Mo ‘JY¥NLVYHIANIL

010} 4 00¢ 00¢ - ool

STIVLSAHOA10d ANV

JTONIS 3dNnd

B STVLSAHOATOd 3J¥NdNI-

D35, 01 = »
o3

NOY| (STVILILSHILNI % 1M 20°0<) IHNd NI
ANV (SAVILILSHILNI %IMSO00'0>) 3dNd

0
..-*
0z
[ -]
~
3
3
N
ot
09

HOd 3AHWNIVIIANIL HLIM 2 40 NOILVIEHVA 6 '©Ol1d

327



FIG. I0 TEMPERATURE DEPENDENCE OF REVERSIBLE
FLOW STRESS IN IRON
[AFTER BAZINSKI AND CHRISTIAN (5)]
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H0 , ergs

FIG.19. RELATIONSHIP BETWEEN H(7%*:=1Kg/mm?)
AND pb> FOR THE B.C.C. METALS
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FIG. 20. ACTIVATION ENERGY VS LOG t*
FOR THE B.C.C. METALS

20 T T T T T T TTTTTT
1.8 oV oCr oFe| |
© Nb & Mo

|

[ 1 IillL‘

L

t Tqg o W

o}

* Kg/mm?

338

10



Juu/ 6y 2

9 2 8 vb Ob 9¢ 2¢ 82 b2 02 9 2 8 t 0
T T Ta T T T T 1 1 1 T 1 4 1°
T -
: o2
- INIGHON-MOT v N\ 1%
(% 66'66<) STVLSAHD ITONIS
- GOOMHIHS - A7 o 1°° <
HONd- MO ~ N
. SHALSVIN'S NVILSIHHD-MOd v Jog %
alorHoag (A0
: A H ool
I00NNVI '8 SWvay | .13
_ (%86'66>) STYLSAHOKTOd oz
0
[ [ [ N | | 1 I | ] 1 ] 1 Ob|

WNIIVLNVL 4O NOILVIWGHOL43Aa 3HL JOd INNTIOA
NOILVAILOV 3IHL NO SS341S H0 103443 12 'Old

'

339



MO 8 ¥3TQVHIS~ALIOOT3IA NOILVIOTSIA ¥
MO 8 H3ITIQVHOS (% OI-S0) MOTd ®

- 10 19°3S0Y~-"1d © —09
(% S66°66~) STIVLSAYD 3I9ONIS

B 30184Y0 NOINN (% 2°0) 'S°A © ' o

HONd (% 2°0) 'S°A © .
(% €) MO »

u d10lho38 T.\. 2°0) 'S°A o L ool
(% 86'66) STVLSANIATOM
M

- Hozi

I T S SO N N NN NN AU A A0
N3ILSONNL

SO NOILVINWGEOL43A 3HL H"HOd 3INNTIO0OA
NOILVAILDVY 3HL NO SS3Y1sS 4O 103443 2¢ '©Old



o o€ 02 ol 0,
0 o]
}/A 02
= o
=
= 09
o8
Q
00!
93-1S %E-MO1 ANV NI3LS ©
ALIIBOW NOILVI0TSI 02|
o3 °4-1S %€ -QYVN9 @
Z3VZNOO ANV INOVF x .
m¢<oui N3SVYVH ONV 3NIGHON © Y O
SIVLSAND 3TONIS
713315 ONV NOY! - QVHNOD — {09!
STVLSA¥IATOd
SSIYLS MO4 ANV QT3IA os!
©002

A33LS ANV NOHI NI MOTd ANV SNIQI3AIA HOd
INNTIOA NOILVAILOVY 3H.L NO SS3dLS J4O LO3443 €2 '©Old

A*

~

o
w

341



v*/y3

FIG. 24 EFFECT OF STRESS ON THE ACTIVATION
VOLUME FOR DEFORMATION OF THE B.C.C.
TRANSITION METALS
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FIG. 26 VARIATION OF ACTIVATION ENERGY WITH TEMPERATURE
FOR IMPURE, POLYCRYSTALLINE B.C.C. METALS
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FIG. 27 VARIATION OF THE ACTIVATION
ENERGY FOR BRITTLE FRACTURE
WITH TEMPERATUE.(AFTER LEAN,
PLATEAU AND CRUSSARD (38))
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FIG 28 SEEGER'S MODEL FOR THERMALLY-ACTIVATED
OVERCOMING OF THE PEIERLS - NABARRO ENERGY.
4. DISLOCATION LYING IN A CLOSE-PACKED
DIRECTION. b. INTERMEDIATE STAGE IN THE
FORMATION OF A PAIR OF KINKS OF OPPOSITE
SIGN. ¢. FINAL STAGE IN THE FORMATION OF A
PAIR OF KINKS. d. LATERAL MOTION OF THE
KINKS UNDER THE APPLIED STRESS.
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FIGURE 30

VARIATION OF ACTIVATION ENERGY
WITH TEMPERATURE FOR FERROVAC
IRON (FROM DATA OF BASINSKI AND
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TRUE STRESS, Kg/mm?

FIG. 3I. COMPARISON OF CALCULATED AND
EXPERIMENTAL STRESS ~-ETRAIN
CURVES FOR MILD STEEL
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Strain-igeing in B.C.C. Metals

by

A.R. Rosenfield and ¥.S. Owen
Department of Metallurgy University of Liverpool.

Most strain-ageing studies have concentrated on the kinetics of the
secrecation of interstitial solute during ageing, the rate of depletion
of the natrix concentration being followed by the :.easurement of
electrical resistance, internwzl friction or come other suitable physical
property which depends only upon the .resence of interstitial atoms in
solution. The nature an¢ rate of the changes in ..echanical vwroperties have
been studied less extensively and in this paper atteation is focussed on
tals wspect of the .robiem, but discussion of the relationships between

strain-azeing and fracture properties is excluded.

Classification of Interstitial Soiutes

Thne eue.al pro.ertics of interstitial elements in body-centred cubic
lattices can be discussed systematically if a distinction is rade hetwesn
'soluble' and 'insoluble' eiements, the qgemarcation being arbitraril;
c.osen at 1 atomic _ercent solubility. The behaviour of insoluble systems,
ior example iron~carbon, can be described com,.letely in terms ol tae hard=-
sphere model which assumes that the interstitial atom is not ionised. The
interstitial diffusion ani tin~ interaction of tine interstitial with dis-
locations can be explaincd on the basis of straineenergy ccnsiderations

alone and the small solubility is a result of large local strains due to a
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relutively unfavourable size=factor. \/hen ccnsidering soluble systems,
such ws tuntalumeoxygen, effects other than those due to strain intcractions
must be tuiten into account. Internal iriction exveriments reveal the

L

existence of stress-induced interstitial atom migratien and on increasing

the oxygen content of Group 5A metals tiere is a measurable increase in the
lattice purameter of the solvent lattice(a’s’h). Thus, it must be concluded
thi.t strain effects are significant. However, from the lattice paraneter
measurenents, oxygen in tantalum, niobium and vanadium has an atomic
diameter of about 2.08%. Since the diameter of unionised oxygen atom is
about 1.43 and that of the 0™~ ion about 2.6#3, it is suggested that the
oxygzen in soXution in the Group 5A metals is ionised w th a single negative

charge .

The difference between soluble and insoluble interstitials is revealed
clearly by considering the activation energy for interstitial diffusion. The
data in Figures 1-3 were obtained either by direct measurements of diffusion
couples, measurements of stress-induced ordering (Snoek effect) by internal
friction or they were deduced from measurements of blue-brittleness
temperatures(5). It is well known that the activation energy for self=-
diffusion increases linearly with the melting point Tm of the metal. The
rate-determining step is a strain term and, because the elastic constants
are related to the melting point, the activation energy increases with Tm.

A similar behaviour is exgected for any diffusion process in which the jumps
are controlled by strain considerations and, in fact, for the interstitial
diffusion of insoluble elements the activation cenergy does increase with the
melting point ol the solvent. However, for soluble interstitials the
variation of activation energy with melting point is either very small or
zero (Ficures 1-3). This sug_ests taat the diffusion is controlled by
electronic eftects and a mode) in these terms which provides a satisfactory
qualitative explanation of this effect has been proposed by Stringer and

(6)

Rosenfield .
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Dislocation-Interstitial Binding Zuergies
(18)

According to Friedel s the binding ernergy WM between a dislocation

and an interstitial atom is

Wy = G (¢) = Go (c) (6D

where Go (c) is the free-encrgy per interstitial atom dissolved in a perfect
lattice and G (c¢) the corresponding free-energy vilen the lattice contuins
dislocations. In general, tuere are two vays of measuring WM, either tine
solubility of tine interstitial element may be meusured as u function of the
tem e..ture and tue dislocation density(lg), or the yield drop may be
measured as a function of temperature for a s_.ecimen of known interstitial
content and dislocation density. The latter methnod depends unon the
assumption that the equilibrium concentration of interstitial atoms ..t a

. . . X L . . 20
dislocation line vuries witn tem.eratiure according to tue relatlon( )

C = C exp (=il /KT) (2)

where Co is the concentration wiien tiere is no segregation. Above some
tem_erature T%, C f:1is below the saturation vulue Cm at winich the retch

locking paramcter ky is just greater than zero. Thus,

1
Wy = [k T, 1ln (co/cm)_] ‘ vo (3)

The value of Cm is somewhat uncertain as it depends on tne wrecise model
which is assumed for the uniinning of a dislocation line under the action
of an applied snear stress. Llstimates vary between 0.07 and 1.0.
Fortunately, the value of WM determined by this method is quite insensitive

to variations in the vzlue adopted for Cm.

Usually Tb has been determined by finding the temverature at which the
discontinuous yield disappears in tensile tests carried out at successively
higner temreratures. Hovever, the conditions existing during sests at

elevated temperatures do not satisfy the requirements of equation 3 and the
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values of wn deduced from them are erronecus. Yield points are observed at
low temperatures because dislocations can move under the influence of an
applied stress faster than interstitial atoms can diffuse. As tne testing
temperature is raised, the temperature dependence of tne dislocation velocity
is less than that of the diffusivity and at a particular temperature (aud
strain rate) the impurity atoms move with about the same velocity as tne
dislocations, producing tne blue-brittleness (serrated yielding) pnenomenon.
This fact has been used to caléculate tae activation energy for interstitial
diffusion(ZI). The discontinuous yvield point always disappears at a temp=
erature just above the blue-brittleness temperature because at this temp-
erature the interstitial atoms are sufficiently mobile for tne movin-~
dislocations to drag their associated interstitial atoms with them. Taus,

in these circumstances the disappearance of a yield drop does not indicate
the absence of segregated interstitial atoms. The temperature Tb for iron-
carbon alloys is widely quoted as 700°K(22) but this was obtained from the
high temperature temsile tests of Boulanger 15)
of UH deduced from it is incorrect.

and consequently the value

To determine Tb it is necessary to carry out all the tensile tests at
4 temperature below the blue-brittleness temverature. Thus, a series of
specimens must be quencned from successively higher annealing temperatures
at a rate sufficient to freeze-in the interstitial distribution. The
ex erimental difficulties are consider.bie since it is necessary to cnsure
that there is no contamination of the s.ecimen during the annealing and the
quench and that either the dislocation density is una.fected by the annealing
or taat the density corresponding to each annealing temperature is known.
However, a number of determinations of wM for d;fferent systems have been
reported and these, together with the limited data available from measure-
ments of solubility as a function of dislocation density are given in Table 1.
“hen calculating W, from T, determined by the quenching method, the usual
practice is followed of taking Cn as 1 atom per atom plane intersecting the
dislocation.

The binding energy Un has two components, 'Ml due to strain and ”nz due
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to electronic interaction between the dislocation ancé gk)le interstitial atom.
1l

These encrgics are usually considered to be additive

W= Y. 44U (4)

M M7 M2
The electronic contribution tc tae binding energy in the iron-carbon and
iron-nitreccen systems is zero because the carbon .tom is not ionised, but
in systens with o .preciable sclubility the electronic effect is .robaoly
significant. The necterozeneous stroin fieid around an edpe dislocation

(19)

produces an electric dipole because electrons flow from the compressed
rerion above the slip plane to the dilated region below. Thus, a net

ne ative charge is created below the extra plane which attracts positively
charsed ions but repels ions which carry a negzative charge. Thus, it is
ex;ected that HM for taun.alumeoxygen alloys will be less than le by an

amount HMZ'

In reneral, the elastic strain interzction ener:y is

vi

winere A is an interaction iarameter which varies with the elastic constants,
the lattice parameter of tne solvent and the extent of the dilation of the
lattice by the interstitial atom. R is the distance between the inter-
stitial atom and the geormetric ceutre of the dislocation. 4 can be
cstimated Ifrom the Cottrell-Bilby model 2 or from refinements of this

model such as tnat due to Cochardt, Schoeck and l'liedersich(27).

The dilation cuused by a carbon atom in an iron lattice can be
estiiated from ths measured lattice varameter chan-e of the martensite
lattice wvith ccrbon content(26 and similur cualculutions can be made from
tae lattice parameter chunge with increasing interstitial content for those
alloy systems, such s tuntalum-oxygen, which do not form martensite but
which have appreciable solubility. It is usual to assume that R is one
Burgers vector. The calculated values of wﬂl are compared with the exrerie-
mentzl values of WM in Table 1. In iron=-carbon alloys WM and W,.. are

M1
identical, confirming the prediction that the interaction in these alloys
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e

is entirely due to elastic strain. However, in the tantalum-oxygen case iy
is slightly less than wMtrequiring wHZ to be ne:;ative, ulthourh the difference
is -robably onl: a little gr.ater than the possible experimental error. The
gign of JMZ is consistent with the concent of a negatively charged oxysen ion
in the tantzlum lattice aund tne riagnitude of wHZ is about that expected from

the eiectronic interaction. according to Friedel(le)

'.V'MZ = AE—ZF (6)
where} e is an effective value of charze and AE is the width of the conduction
band. The value of‘%e in tantalum alloys devends upon a screening constant
vwhich is <nown only approxinztely, & reusonable value being O.3. From the
diflerence .y = . (Table 1), Yiyp eems to be about 0.1 eV and thus, from
ecuation 6, 4. is about 7 eV. This is not an unre.sonable value for the
width of the conduction band in transition netais. Thus, although estimates
of this trpe are incvitably very crude, tuere appears to be ~rounds for
sugsestin' t.at in tantalum-oxygen, and probably in similar alloys, t.iere is
o significuant e_ectronic contribution to the dislocatione-so.ute interaction

€ueTrgY .

Tne Variation of tiie Yield Paraneters with ageing

Until recently it ..as generally assumed tuat the return of the yield
point could be described completely in terrs of Cottrell pinning theory; the
interstitial atoms beinr attracted to the dislocations during aceing under the
influence of the elastic strain field interw.ctions and taermal diffusion. The
diifereace (/A6 ) between the lower vield stress (<$y) of the aced specimen
and the stress at which the specimen is unloacded before ageing (Op) increases
vith ageing time and A& was assumed tc be a direct measure of the derree of
saturation of ;inning sites near the dislocation. However, it is now clear
that phenomeiologically t..ere ure two .arameters involved in the ield stress;
ky which is a measure of the local stress required to activate a new dise
location source and CT; the friction stress opposing the sropagation of a
slip band(ab’eg). Although it is :-robavle tnat in lightly azed s.ecimens
dislocation sources are groduced by the unpinning of dislocationa(So) as

visualised by Cottrell(EO), it seems tiet existing dislocations are easily
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completely i.nobiliscd so t.al the diccoutinuous yleld occurs by the geueration

of dislocaticns from other discontinuities sucn as surfaces or grain boundaries.

" 28
Thus, ky is not necessarily related to un:inning. according to Petch( )
1
= G, +k_ da7? (?7)

The relation vutuveen siresse-strein curves for the .restr-azined and the ured

s..ecimen i: shown sc.aemutically in Figure 4,
= O + DG, +x_dF 8)
5y P Ty

and since, by definitionAG= (y - 6,

A6 = AG, 4k a7 (9)
Thus, thne increcse in yield stress on ¢ eing a.s two camponents. _his was
first deiionc.rated ex erimentul.y by .ilson and Russe11(3l)who, by app.ying
the retch nethod, shoved t.ot Zn ironecurbon al.ors sirein-.gein~ is a two
siey Drocess; i-ovst . inecreuses to a muxinmum velue whilel&é% remains zero
and subseﬂqentlyZMSf incrcuses. The Fetchh maethoé for determining ky and
1&({}, waica depeads u.on isasurin~ tie variction of ield stress with efrain
size, is valid cniy if t.e s botructire and disiribution of submicroscopic
_reci_itates are una’fected vy the ir...tilents used to estab.isa a raunre of
grain size; a concition whicn is satisfied ugprosiinately fer iron-base alloys
wvhich are zumeal.d t.rougn tae , hase change(32), but which is not usually
achieved cexperimentclly with other bod:-centred cubic metals. Fortunately,
(55 (Figure %) can be determined by a method whnichh dces not reguire the use
of grain size uas a controlled vuriable. The homogeaeous strain-hardening
curves AB ond CD (Fizure 4) cun be re.resented exactly Ly ccuctions of the

for:.:

G= KEM (10)

wiere i is tue streucti: coustunt, £ the strein und n tie strein-har ening

indiex. So tinat
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n
gy = Kg

K an n ure bast found from a .o urithmic stre:s versus logaritamic stroin
plot of CD,

Ex,.crimentol studies of strain aceing which enable tie changes irllséa
and ky te be dist ngnished have been rerorted only in tae last few years, und
tne inforuction available is limited. Howesv:r, both soluble (tant;lum-oxygen(%§)
venacium witi carbon wnd nitro:en(ju)) end insoluble (iron-carbon(3l) and irone
:ilicon-carbon(35)) systems have been examined and thus it is possible to
malie scme corsarisons. On wreinz at 261%K mild steel ssecimens wnich had
been cuencned frem 700°C an? ‘restr.ined 4 n-rcent Wilson and Russell‘aé)
found a repid initiul increase in yield stre s wrhich they attributed to stress-
induced locai or.erin~ of tue interstitial ato.s in tne stress fieid of the
cislocation (snoek erfect). This eifect is not found in tast.lum-oxygen alloys
at similor term.er.tures anc¢ strain-rates because the jump time is too long.
for carbon in ir-n the Juw. time ..t 293°K is about 0.6 seconds but ‘or oxygenm

in teatalum it is atout 468 miuutes.

after «n iucubati n _.eriod, &y increases vith azein~ time. On ageing
iron-curbon alloyrs at 60°C a rexizum value is reacaed wihen the concentration
of carbon .t tie dislocutions is 1 or 2 atcms .er atom .lane intersecting the
¢islocation line, but the ky value for tantulum-oxygen ared zt tne same
tenceruture levels off wien lecs taan a teita of the :vailable dislocation
sites are occupied br oxycen atcuise The small X which is developed varies
very little witn testin- te:;erature. Similar results have been found for

(3“). This contrasts with the ironecarbon

vanadium-carbon-nitrosen alloys
alloys in which the ky is mariiadly temperature depenient in lightly aged
specimens but inscusitive to tosting tem.erature when fuliy aged. It may

be that these difierences are a result solely of tne differences in diffusivities
of the interstitial elements and tnat parallel results to tnose found in
iron~carbon can be found in the tantalum and vanadium alloys when a~eing is
carried out at nigher te:peratures. This aspect of the subject has not yet

been explored experimentally. A striking feature of strain-aceing is that the
valu: of ky developed in a fully azed s;ecimen is appreciably smaller taan k,

358



for the alloy in the annealed condition. This effect has been attributed to
the higher dislocation density in prestrained specimens, but in all the alloys
so far examined the concentration of solute is much in excess of th:at
required to saturate the dislocations when segregation is complete and so
this explanation iz not tenable. Posgibly,the effect is controllied by the
kinetics of the strain-aceing process. In tantalum the di iusivity of

oxygen is very slew and ky fur ?gggilenl fully aged at 100°C is only about
one tenth of the anncaled value o« The diffusivity of carbon in iron is
appreciably -aster and about one third of the annealed k_  is developed on
ageing for long times at 6000631). On areing iron-siliczn-carbon alloys at
150°C about two=~thirds of the annealed k_ value is obtcined in fully-aged
specimens(35). Again, this points to thz need for e:tensive systematic study

of ageing effects at higher ageing temperatures.

The experimental data show clearly t.“atdﬂf and ky are independent
varaneters. In alloy systems in which the solubility of tne interstitial
element is very small there is obvi.usly a tendency for _recigitation to occur.
In the iron-carbon alloys ctudied by Wilson and Russelil the initial increase
in Ky was not accompanied by an increase intSG}, indicating that the Cottrell
atmospheres or vreci.itates formed as a result of the curbon segrecation to
dislocations in the early stages of strain-ageing do not offer an effective
resistance to the motion of unginned dislocations. However, Ae £ does
increase after longer areing time but before any preci.it.te can be detected
by electron-trunsmission microscopy. THis increase has teen attributed to
carbon clusters or submicroscopic preciritatess formed after all the dislocation
sites are occupied. The reciative c.an es in ky andAAC§f with time on aveing
at 60°C are showm in(§i§ure 5. =& similar seouence of chances was found by

have an aprreciable solubility in vanadium tne alloy clearly contzined some

Smallmen and iindiey in impure vanadium. Although carbon and a.trozen
inzo_uble -lement since preci,yitates nucleated on dislocution lines were
clearly visible by electron~transmission micro 'raphy on a eing ut 750°C. In
alloys containing only soluble interstitial elements no incre.se in Zké?t

due tc _recijitution or wvre:reciiitation etfects is likely to occur.
Nevertheless, it is observed that £:<f} incrcases with ageing time. In
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before, any caan e in ky c.n be det cted (Ficure ©). uffects which have been
sug estcd to account for tie increase in A‘f ar> tne pinning of forest dis-
i1ocutions, thuc -ncreasing taeir resistasce to tae .assu e of guide dislocations,
wid e jousing of plide dislocations by tue scgregaticn of vaczucies to
dislocation lines. UWie ct.ervaticn tnat, in t..talum-oxy. em restrained at
293°K, ared at 37:’;°K and tested ot 2’3201(, A6f increases long vbeforec t..ere is
1, caull e in ky seems to eliminate thne [irst suggestion. The vucancy
serrezation hycotiesis hus not been tested adequateiy. Freliminary ex_.erimcnts
on t.ntalum~oxygen alloys indicate tinat the increuse in Adi. with ageing time
is much less marked in cuencheazed specimens than in _restrained sgecimens aged
at the same tetverature and, becauze tue v..cancy ccncentrution in tas latter
gecimens is ex.ected tc be hiraer, this suggests that the rcle of vucancies

is importaat. However, it is not fiasible to carry out narallel experiments

on cuenched and prestrained s.ecimen: with t.e sacse dislocation density, nor

iz the change in strain-hardening inlex c.::.atible with a simple vacancy
serregation model, so tuut for the resent thi- hyrotiesis must also be

concicered to be teatutive.

The Rute Controllingz Step

It iz ucual tc ca culate a heat of activation AH from experimen al
data reluting the chan_e of some physical rroverty with areing time to the
ageing tem_.eriture, ussuming an Arrhenius relationship. The values of AH
measured by cnan;es in the yield stress (AG), electrical resistance and
internal friction _eals ure in surprisingly good azreement. Data which would
enable AH to be calculated indepeadently for chanses in ky and Ad'f are not
available. Howevcr, from measurements tal:en d.ring the period when only k
is changing, it is clear that the rate of diffusion of ths most rapidly
diffusing interstitial elcment coatrols the segregation to dislocations during
the early stages of strain agein . Thus, the fact that reasonably good
agreement between AH for the cnun-e inAG and AH from measurements which
depend upon the rate of cepletion of the m. trix interstitial solid-solution
is maintained at later stages of ageing wnen the change in AO; is significant
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sugzests taat tae controlling activation energy for AG& is either that for
the fastest moving interstitial or for srme other process with nearly the
same activation energy.

Johnson(37) has claimed that the rate of change of electrical resistivity
on ageing niobium can be explained by vacancy migration because the measured
activation energy is 0.25-0.30 times the .ctivation energy for self-diffusion.
When all the available values of AH for strain azeing processes are plotted
as a function of the melting point (Tm) of tne solvent metal the best fit is
given by AH % 0.3 Tm (Figure 7). Brooks(38) h=s estimated theoretically that
AH%T 0.2 Tm. Thus, eitner the theoretical estimate of tae proportionality
constant is incorrect or the rate coutrolling step ic not vacancy migration.
Some support for the concept of control by vucancy migration is available from
the limited data on the rate of recovery of irradiuted materials. A H derived
.rom mcasurements of ths isothermal recovery of electrical resistance after
irradiation in an atomic .ile are listed in Table 2. Considerable ageing
occurs in tn> pile and freshly irradiated s.ccimens have well-developed yield
points but, although there is= no subsequent chanze in k_, on isothermal
annealing the flow stress increascs, corresjonding to a chanse in Aéé. This
lattice hardening is usually considered to be tne rusult of vacancy . irration.
For the metals for waich data are available (b, o, i), the values of All
ior the recovery of clectrical resistauce after irradiation apree closely vith
taose for the change inAGon strain aceing.

The other po.sibility is that all stages of strain-ageing are coutrolled
by the diffusion of the fastest-moving interstitial -lement. As shown by
the data collected in Table 2, in general thcre is good agreement between A I
derived from measurements of the rate of change of A6 and AH for diffusion of
the appropriate interstitial.

Thus, it must be concluded t..it the available cdata are insufficient to
enable an unambiguous distinction to be made vetween interstitial eiement
aiffusion and vacancy micration. It is ,.ossible tuut tae rute conirolling
step varies with the alloy system and with the different st.ges of struin
ageing. However, before tinese questions ¢.n be unswered it is clear taxt much

more rrecise data on the activ.tion energies for interstitial diffusion,
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vucaney migrstion an¢ tue change in mecasnic.l .rojerties during streain

w einz ave required. It is  uarticulurly importaut t...t in Iuture vork ex eri-
ments ure desirn-d wiaich se,arwte e/ l::ts yrod.icins caunes in Ry ircin those
wJiectine Adf.
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Table 1

lieasured and Calculated Binding inergies

System Reference MM Measured ﬁMl Cajculated WM2 Calculated %ugalculated
eV eV eV d@nes
cm

. a =20
:e-(,} 23 0.50 0.76 0 3.0 x 10
Fe=N a4 0.73

19 0.71
Ta=0 a5 0.54 0.64 -0.10 2.9 x 10720
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Measured ..ctivution cner

Table 2

sies jor otriin-is

krocesses

Diriusion .n¢ necovery of Radiation Damcge in 35.C.C. kMetals

interstitial

Faterial letnod Reference 4geing AaHd for A&H for AH for
Ten;erature strain Interstitial Recovery
¢ ageing Diffusion aiter Irradia-
¢ eV/atom Zlement eV/atom tion eV/atom
ol 4Fe Change in 23 25-60 c.78
ag,Irternal 0.09
Yriction
N 0.81
c 0.89
v Change in
Fa¥.1 2 125-200 1.20
Change in
JaN-13 3h 100 1.09
c 1.19
Cr Internal
rriction 39 30-330 ~1l-1l.5
Cor N 1.26
Nb Change in
AT ko 100-162 1.17
Rlectrical
Hesistance 41 100-1¢0 1.22
0 1.17
tlectrical
Resistance 41 100-1:0 l.22
Mo Zlectrical
Resistance 42 100=1_.0 1.25
Internal
Friction 43 300-400  1.3-1.5
Change jn
a kb 575-700  1.58
Electrical
Resistance 45 ~150 1.3
Cc 1.45
Electrical
Resistance 41 140-200 1.25
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Table 2 (continued)

wlectrical
Resistunce %5 150 1.30
Zlectrical
Resistance 45 120-180 1.25%
1.11
Blectrical
Hesistauce
'Pure' u6 325-650 1.7
'Doped! 46 2325-650 2.3
ilectrical
Re~istaiice U7 ~3250 1.7
1.72
Zlectrical
Res:stance 48 3-0=450 1.7
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Figure 4 Schematic stress-strain curve for a rrestrain, are and
retest sequence.
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HARDENING BY SPINODAL DECOMPOSITION

John W. Cahn
General Electric Research Laboratory
Schenectady, New York

ABSTRACT

The effect of the internal stresses produced by spinodal decomposition on
dislocation behavior is investigated for several slip systems in cubic materials.

INTRODUCTION

There has been much work on the effect of precipitation on mechanical proper-
tiesl=4, Almost all of the theoretical work has been concerned with discrete
particles, either coherent or incoherent. There exist, however, a number of pre-
cipitating systems in which the early stages of precipitation resemble long-range
coherent composition fluctuations with no abrupt changes in composition., This
kind of precipitation results from a thermodynamic instability called the spi-
nodal. The theory of spinodal decomposition has been developed for both iso-
tropics’ 6 and cubic7 materials. There is good reason to believe that a number
of important age hardening alloys8 belong to this class, among them the nickel
base Inconel 80 and Nimonics., It is the purpose of this paper to explore theore-
tically how the mechanical properties of a cubic crystal should be affected by
the long-range coherent composition fluctuations resulting from spinodal decompo-
sition.

At a first glance a structure of such composition fluctuations might seem
too vague to give any hope of calculating much about its properties. Actually
just the reverse is true. There is a great deal of regularity in this structure.
In cubic crystal the composition fluctuations are best described as interpenetra-
ting stationary (non-propagating) {100) plane waves. This has been derived t. ‘o~
retically’ and the sharp directionality has long been known~ experimentally from
the streaking of X-ray spots, We will therefore assume that we are dealing with
fluctuations all of whose Fourier components have <100> wave vectors.

For some of the calculations it will also be assumed that the structure con-
sists of only three perpendicular (100} waves all having the same wavelength.
Again there is good experimental and theoretical justification for choosing a
single wavelength to describe the structure in the early stages of decomposition.
Such a structure consists of two interpenetrating simple cubic arrays (a large
CsCl structure) of pseudo particles (maxima and minima in composition), connected
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by an interpenetrating simple cubic lattice work of <100> pseudo rods.

The experimental variables at our disposal are amplitude of the Fourier com-
ponents and wavelength of the most prominent ones., Temperature of aging primarily
affects the wavelength, while time, at temperature, primarily affects amplitude.
Thus we can change the spacing and resistance to deformation of our pseudo par-
ticles. The spacing ranges from 108 to 10u, and the amplitude is usually limited
by the loss of coherence which occurs when the lattice parameter variations due to
the composition variations result in strains of the order of percents.

In this paper we will discuss the force on a single dislocation due to the
internal stresses and composition gradients in the undeformed structure.

THE INTERNAL STRESSES
Consider first a single Fourier component of the composition fluctuation
whose wave vector £ 1is in the [001] direction (z direction) and whose amplitude

is A(P

c-c = A(B) cos Bz (1)

in a cubic alloy of average composition ¢ . Let n = 3 describe the compo-
sitional variation of stresg-free lattice parameter a. fhe internal stress o
produced by this plane wave is given by

O x oyy = (nAcY) = An Y(100) cos Bz

(2)

g =0 =g =g =20
zz xz yz Xy

where Y(100)

(Cyy + 26)))(C,;, - C,,)/¢C,;-

Consider next the superpositioning of all Fourier components whose wave
vectors are in the [001] direction

axx = oyy = Sa(z)

(3)

vhere S,.(z) 1is given by integrating equation 2 over all Fourier components in
the 2z direction

33(2) = ¥ [ ABe T dp .
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Por the [100] and [010] components we may define similar quantities for the
internal stress, S_(x) and S,(y) respectively. Thus the internal stress result-
ing from all Fouriér components is

SZ(Y) + 8, (2) 0 0
o= 0 s3(z) + SI(X) 0 (¥)
0 0 sl(X) + sz(y)

Por the particular case of three equal perpendicular waves of the same wave-

length 27/

Sl(x) = AnY(100) cos pPx
Sz(Y) = AnY(100) cos By (3"
83(2) = AnY(100) cos Bz .

The stress pattern is a tesgellated stress in the literal sense. Although
the literature on tessellated stresses is voluminous”, there appear to be only a
few papers(lo‘lz) which consider internal stresses that vary sinusoidally.

THE FORCE ON DISLOCATIONS DUE TO THE INTERNAL STRESSES

In this section we shall derive the forces exerted on a dislocation by the
internal stress field. These forces are superimposed on those resulting from an
externally applied stress. We shall follow the sign convention of Nabarro
throughout, and thereby eliminate ambiguity regarding the sign of the force. For
simpler stresses it is sometimes convenient to rotate axes so that the Burgers
vector is parallel to x and the slip plane is the xy plane and then determine
the magnitude of the force from bg and the sign from physical intuition. For
the present case intuition is not qﬁite as easy to apply, and Nabarro's conven-
tion applied to the Peach and Koehler formulation will be used since it gives, in
a quite straightforward manner, not only the magnitude of the force but also its
direction.

The force F on a dislocation per unit length produced by a stress field ¢
is

F= (b-o)xt (5)
vhere b 1is the Burgers vector and { the unit tangent to the dislocation line.

The sign of b depends on the direction in which the Burgers circuit is taken
which in turn is related by convention to the direction of { 3o that the sign
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of F depends only on the physical situation and not on the direction of the
Burgers circuit, Reversing { also reverses b,

The force on a dislocation is always at right angles to {, and for edge dis-
locations consists of both climb and glide components., The glide component F
is given by &

Fg = (nx{) (bon) (6)

wvhere n is the normal to the glide plane. Reversing the sign of n leaves F
unaltered. The product bon 1is boxz if the coordinate axes are rotated so
that b coincides with the x axis and n with the z (slip on the xy plane).
The vector product (nx{) is a unit vector in the slip plane at right angles to
the dislocation. According to equation 6 the magnitude of the force on a disloca-
tion is independent of the direction of the dislocation line. The product of re-
solved gshear stress (1/|b|) (bon) and the Burgers vector determines the magnitude
of the force, and the remainder of the expression serves to determine its direc-
tion.

Equation 6 applies equally well to screw dislocations but since these can
glide on a number of planes it is sometimes convenient to use equation 5 which
for screw dislocations becomes

- 1
= ——= (b*oxb) .
F Ib' (b* oxb) (7)

This gives the force on the dislocation and its direction, rather than the force
resolved in some plane n.

Let us now apply these equations to the internal stress given by equatiom 4
to a dislocation whose Burgers vector has components (b., b,, b ) and which slips
1) 72
on a glide plane whose normal has components (nl, nz. n3). The scalar force
beog'n is

beo'n = nlbl(s2 + 83) + nzbz(s1 + Sa) + n3b3(s1 + sz) . (8)
Bearing in mind that b 1is perpendicular to n

blnl + bzn2 + b3n3 =0 (9

we may rewrite equation 8
.g'n = = . 10
beo'n = - (n;b;S; + mybyS, + ngd,S3) (10)

For screw dislocations we have from equation 7
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|b| [ib b (s 82) + jb1b3(31 - 83? + kblbz(s2 - 31)) (11)

where i, j and k are unit vectors along [100], [010] and [001) respectively.
Equation 11 may be rearranged as the sum of three vectors, each one depending only
on waves in a single direction.

. 2
Fs=bb S 0 + -T Ibl
ib3 kbl
+ b8, (- |b| + 0 + == 0 (12)
b, 1o
+b s (IbI |b| +0) .

Here b_/|b], b./|b| and b_/|b| are simply the cosines of the angle that b
makes with the three <100> directions. Each Fourier component produces an al-
ternating force on the screw dislocation which is both perpendicular to the
Burgers vector and the wave vector, and whose magnitude is zero, if the Burgers
vector and wave vector are either perpendicular or parallel to each other.

OTHER FORCES ON THE DISLOCATIONS

In these inhomogeneous alloys there exist several other sources of forces on
dislocations that are not present in a homogeneous alloy of the same composition.
These relate mainly to the composition gradients. For very small gradients the
self energy 7 of a dislocation is approximately given by

2
7~ sz ~ Yb (13)

where G 1is the shear modulus. If 7 varies with position there will be a
force on the dislocation 13 given by

dlnG

éc = tx(grad 7 xt) = (7( + 2n) (Pext)xt (14)

The corresponding glide force in a plane whose normal is n

- 7(9% + 2n) (vext*n) (xn) (15)

As before the last factor just expresses the direction; the magnitude is given by
the remaining factors.

For the three equal perpendicular waves in composition

c-c = A(cos Bx + cos Py + cos Pz) (16)
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equation (15) gives for the magnitude of ch

P | = ay (€

cg 8¢ ac + 2n)[ninﬁx(t2n3 - t3n2) + ainﬁy(t3n1 - tlna)

+ sinﬂz(t1n3 - t3n1)] . (17)

Comparison with equations 1l or 12 and 3' shows that this force is on the average
smaller than the force due to the internal stresses by a factor of bR, but that
it differs in phase and direction, It is therefore negligible except where, be-
cause of symmetry, the forces due to internal stresses are zero.

Another source of resistive forces in a composition gradient comes from the
fact that after slip through an inhomogeneous region, the two opposing faces of
a slip plane now differ in composition by a

O = beVc, (18)

Such an interface requires an additional energy and gives rise to a force propor-
tional to (ec)z. It is the analogue of chemical hardening model suggested by
Kelly and Finel3. Since ic is quadratic in amplitude A it is negligible when-
ever there are dominant terms of lower power in A,

DISCUSSION OF SEVERAL SLIP SYSTEMS
(100 Slip Plane

Equation 10 reveals that if either tne slip plane normal or the Burgers
vector are either parallel or perpendicular to the wave vector of a Fourier com-
ponent, the internal stresses resulting from that Fourier component will exert no
glide force on that dislocation. (This resulct is not restricted to <100> wave
vectors but holds true for all orientations). Thus slip involving either <100>b
or (100} slip planes will be unaffected by the internal stress field. This re-
sult is somewhat unexpected, if one bears in mind that we have here an assembly of
psuedo particles and large internal stresses resulting from them. Consider, for
example, the {100} slip plane.

If we examine the special case of three perpendicular waves of the same wave-
length one sees that one of the (100) slip planes could have encountered a square
array of the peaks in camposition (pseudo particles of one phase). A parallel
plane half a wavelength down would have encountered all the lows in composition
(pseudo particles of the other plane). Another parallel plane, a quarter wave-
length down, would have encountered no extremes in composition. One might have
expected large differences in forces, but there are none. A simple insight into
vhy this is so is provided by equation 4, which shows that the cube axes are
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principal stress axes and therefore there is no shear on any cute plane.

For such a slip system we are left only with the forces due to the variations
in line tension due to the composition changes (equations 14-17)., These tend to
pin the dislocations along either the maxima or minima in composition, that is in-
side one of the pseudo phases.

(110) Slip Plane

Consider next a (110) slip plane which is often a primary slip plane in
B.C.C. Let the equation of the slip plane be

x +y=Y2d, (19)

vhere d 1is the distance of the plane from the origin, Let vﬁk' = x -y and
2' = z be the coordinates in the plane (Fig. 1). All shear stresses in the
plane are along the x' direction and alternate in sign. For the special case
of 3 equal perpendicular waves of the same wavelength we have for the force on a
[114) dislocation from equation 10

S 11 1 .
beo-n (4+2bl/z(31 Sz)

vwhich by equation 3' becomes

b*c'n = .\_n¥_ll>.l_1_ﬁ (cos Bx - cos By) (20)
& +2b
= i’lﬂﬂz———— sin(1/Y2pd) sin(1V2px') .
1/2
(1 +4%2)

Dislocations in the various slip planes encounter no forces if (1//2Bd 1is an
integer and sinusoidal forces if (1//2)Bd is not an integer. The former cor-
respond to slip planes through the centers of the pseudo particles. The strongest
forces are encountered in slip planes that avoid the pseudo particles.

Let us next consider how these forces should affect the shape of the dislo-
cation line. 1In the absence of an applied stress, the dislocation must curve and
at equilibrium, assuming a string model for the dislocation, it must obey the fol-
lowing differential equation

a2z
brgen =7 dx*? . (21)

v 2
1+ (dL) ]3/2

dx'

’
Letting w = %—:'r , begen = A'sin 1//7&(' vhere
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AV = Angl sin %

2 1/2
a+ Ly
we obtain
dw
Al 1 dx
- gin &‘l | ——————
7 vz ENTE
vhich can be integrated to give
- : 1 e = (22)
const. cos Tzl-Bx = 2.1/2 .
(1 +w)

Since the right-hand side is bounded by t1 a stable dislocation configuration
straddling a band of force can exist only if

)
By

I1f it exceeds 1, the internal stresses will align all dislocations along [001] in
the stable zero force positions. Every mobile and flexible dislocation will be
forced into such configurations., Using equation 13 this condition becomes

. (23)

An sinvl—-_z Bd < Bb . (23%)

0
For example, the aligning of dislocations begins at wavelengths of 1000A when the
lattice parameter amplitude reaches 1%.

In considering slip in such a crystal one must carefully distinguish dislo-
cations that already straddle the pseudo particles and those that do not. The
former can move easily in the presence of an applied stress very much like a kink
scraddling a Peierls-Nabarro barrier can move sideways., On the other hand, forma-
tion of new kinks by having a section of a dislocation slip across a pseudo par-
ticle is very much more difficult and varies from plane to plane. At low stress
levels only dislocations going through the centers of the pseudo particles can
move. With increasing stress the planes on which slip is possible form an ever
increasingly thick band about the centers.

The equaiions for a number of dislocations piling up on such a sinusoidal
barrier have recently been derivedlz.

The (111)(110] Slip System

The (lll)[liO] slip system is another one which interacts with only two of
the three fluctuation components and therefore should behave as if the sample
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contained an assembly of pseudo rods along [001}. In this case the slip plane
cuts across the rods and all parallel (111) planes encounter the same obstacles
as do the (1l11) cross slip planes. Therefore cross slip would be of no help in
avoiding the resistance imposed by the internal stresses.

Let the equation of the slip plane be
x+y+z=f5-d. (24)

The resolved force on a [1i0] dislocation is

b-c-n=-‘l%l'(s -S)-—"l—l—(cosax-cosay)

=€Aq|b|¥ 8in[1/2 B(x + y) ] sin[1/2 B(x - y)] .

Rotating the coordinate system such that x' 1is along (110] and y' along [115]
in the slip plane

fjx =X -y

(25)
ygy'=x+y-22+2fd.
By virtue of equation 24
ﬁy'=3x+3y
so that
bro'n = /ern|b|Y sin 1 By") sin(l— Bx') (26)
3 Ve V2 '

The (111) slip plane thus resembles a rectangular checker board of alternating
forces, as shown in Fig. 2. The sides of the rectangles are the locus of zero
force positions and within each rectangle the force rises or falls to an extre-
mum in the center.

Using the string model for a mobile dislocation one obtains an equation for
the dislocation time at rest in the presence of such a force field.

7 ./zAT”b]Y sin(r By )(sin/— ) + o [b])  (27)
d '
1+ ('L) )

where we have added a term to account for an applied stress, whose resolved shear
stress is 4.
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Equations of this type are known as Duffing’s equation and occur in forced
vibrations.,” One method of solution is the Galerkin-Ritz variational method in
which one assumes a solution to the equation and adjusts parameters so that cer-
tain Fourier components of the error vanish.

As in all problems of this type there are two convenient extremes. If
An|blY/yB <1 the dislocation line is almost straight, the wavelength or ampli-
tude of the internal stresses being too small to cause much bending. The other
extreme is when An|b|Y/7B > 1. In this case the dislocation curves around all
obstacles.

In the first case, assuming a sinusoidal form for the dislocation line

B!
y' = c1 + C2 sin 2 for screw dislocation

and

- By
X Bl + Bz sin Ve for edge dislocations (28)

we obtain, using the Galerkin method

NZ'Aqylbl
cos B1 ﬂz 2 2 oa
42 A'n Y b (29)
222
2222
2 2% 9 B7
B AnYbd
222
2 A2 2yzb2 aa 2
B, =6, (1 + 1-2—-“——4“‘2]
BY AnYd
At small values of the applied stress the dislocation reaches equilibrium strad-
dling the peaks in the internal stress which occur at C. = 7/2, There is
an additional unstable solution at C = 0 where there are zero forces on

the dislocation. However, certain small f}uctuations in position cause the dis-
location to move off this position.

At applied stresses exceeding
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for screws

or

(30)

222
AnYb

o: - 306 Bs

222
73—Y—b for edges

no solution exists and the dislocation should move continuously through the
structure. This corresponds to the Mott and Nabarro yield stress for this struc-
ture. As in the Mott and Nabarro relation, this equation reflects the averaging
of large forces that alternate in sign. The yield stress is therefore smaller
by orders of magnitude than the internal stress maxima, and depend entirely on
what little flexing the dislocation can do. Because of the longer apparent wave-
length encountered by edges, they can flex more, and as a result are much harder
to move than the screws. For the same reason the yield stress increases linearly
with wavelength,

The stress is also quadratic in amplitude. This brings it to the same degree
in amplitude as the chemical term arising from equation 18. 3ince such a chemical
term is always a retarding force, it survives averaging without a change in degree
in amplitude. Whether it is an important term will depend on how its coefficient
compares with those given in equat1on 30, For a 1% lattice parameter difference
(An = 1.6 x 1073 a p= 10° cn”! (600% wavelength), Y = 1012 ergs/cc, b = 10°8 cm
we obtain ¢ = 10° dynes/cm”. Thxs stress is close to the upper limit of the
assumption of a straight dislocation because AnY|b|/7p = .16.

The other extreme, .inY|b|/yf > 1 corresponds to a dislocation that can curl
around sbstacles. At zero applied stress, we have a checker board of obstacles
that touch each other at their coruners to form a continuous obstacle. iHowever,
the forces on the dislocations at these junctions are very small and as a stress
is applied these junctions separate (Fig. 3). The effective distunce between ob-
stacles increases with increasing stress and may be found by plotting the con-
tours of zero net force on the dislocation

J2/3 AnY s1n(7= By') sxn(7= gy - =0 . (31)

Since one such junction is at =x' = y' = 0 we may expand the sine terms in this
equation to obtain

2
x'y' = -342 oa/(AﬁYB )
The separation L between obstacles is thus

1/2 1/2

L= /[ (any) ™ "B] . (32)
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The dislocation can slip through this opening if
gb>2y/L
a

or

o, > .57 a3 (%5)2/3 . (33)

This then is the analogue of 0rowan17yie1ding in this structure. The stress de-
pends on the reciprocal 2/3 power of the wavelength rather than on the reciprocal
first power, because the effective distance between these soft particles is a
function of the applied stress. Each dislocation that slips through will leave
loop around the obstacles, and should lead to the analogue of Fisher, Hart, Pry
hardening, including the possibility that the stress of successive concentric
loops will cause the inner loop to cut through the obstacle.

Other Slip Systems

Only if there are no zeros in the Miller index designation of slip plame and
slip direction will the structure appear as discrete particles to the dislocation.
Thus, for instance, if the <110> Burgers vector in FCC splits into two <112> par-
tials, each of the partials will be able to avoid obstacles by cross slip of
the recombined dislocation, but what is an easy glide plane for one partial will
abound in obstacles for the other, since the sum of the forces on the partials
does not vary from plane to plane.

In BCC the (112) and {123} slip planes will behave as if the structure is
particulate and slip bands should occur on the easy planes which will be spaced
periodically.

SUMMARY AND DISCUSSION

A dislocation in a spinodally decomposed structure experiences a force from
the internal stresses and composition gradients. The former are expected to be
the more important, except for special slip systems where the internal stresses
exert no force (either b or n along <100>). The details for the interaction
with the internal stress have been worked out for several slip systems, and these
give rise to a number of concepts analogous to those encountered in precipitation
hardening by discrete particles, except that the details are sometimes quite dif-
ferent. Thus the (111)[110] slip system exhibits the analogues of both Mott and
Nabarro and Orowan hardening, at small spacings a hardening linear in spacing
(equation 30) and at large spacings hardening_proportionar to the reciprocal
2/3xd power of spacing (equation 33). The (110)[111] slip system resembles a
Peierls-Nabarro trough with an extremely long period, so that thermal activation
is almost certainly negligible.

386



In many respects spinodally decomposing materials should prove to be conveni-
ent for experimental studies of hardening. The two variables, wavelength and
amplitude, can be varied independently to investigate separately the effects of
each. They correspond in precipitation hardening to particle spacing and particle
hardness, and certainly the latter is not normally an experimental variable.

There are numerous unexplored areas remaining. The subject of many disloca-
tions on a slip plane is one. For the [111](110) slip system the recent paper by
Chou is pertinent. A similar treatment for the [110] (11l) should not be too dif-
ficult. The analogue of Fisher, Hart and Pry hardening should be investigated for
long wavelengths, Still another subject is the mechanism and slip system opera-
ting in the loss of coherence. Since loss of coherence is usually not observed
until the internal strains are of the order of a percent, the stresses approach
the theoretical limit of strength.

c11 - C12

Only cubic materials for which C,, > were discussed in this
paper. These give rise to {100} plane waves ana all known examples of spinodal
decomposition belong in this class. There are a number of systems for which
¢ <C11 - C12 thae could give rise to spinodal decomposition. These would give
{i&l] plane waves, which would have quite different effects on dislocations.
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Pig. 1 - The (110) slip plane showing the forces on a dislocation and the resulting
dislocation configuration. The plus and minus sigus refer to the sign of
the force within each region and therefore to the curvature of the dis-
location line there. Left-hand dislocation is for low force amplitude
(A' in equation 23) for that wavelength. Right-hand dislocation i3 for

large A', near the limit beyond which all dislocations are forced to line
up along [001].
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Fig. 2 - The (111)[1i0] slip system in the absence of applied stress showing the
forces on the dislocation and the resulting configurations.

(a) screw
and (b) edge at small amplitude for that wavelength; (c) "screw" and
’4) "edge" at large amplitude,
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Fig. 3 - The (111)[110] slip system in the presence of a (-) applied stress, show-
ing the contraction of the (+) regions, and a dislocation straddling the
stress dependent gap between (+) barriers.
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PRECIPITATION ON SUBSTRUCTURE
IN IRON-BASE ALLOYS

A. S, Keh, W, C. Leslie and G. R. Speich
Edgar C. Bain Laboratory for Fundamental Research
United States Steel Corporation Research Center

Monroeville, Pennsylvania

Abstract

An attempt is made to summarize the current
state of knowledge of precipitation on defects in iron-
base alloys, and the effect of precipitation on the prop-
erties of such alloys.
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l. Introduction

The development and nature of substructure in metals and alloys have
been described in several of the foregoing papers in this symposium. The
effects of substructure on mechanical properties and recrystallization behavior
have been discussed. As metallurgists, we are interested in understanding and
employing as many different techniques as possible to control and improve the
properties of engineering alloys. It is obvious, then, that we should consider
the advantages to be gained by combining the effects produced by substructure
and by precipitation from solid solution. Our understanding of these combined
effects has been vastly improved in recent years by use of transmission electron
microscopy, which allows us to study the details of precipitation on substructure.

Iron-base alloys are of particular interest, : t only because of their
paramount importance as engineering materials, but also because of the large
number of possible combinations of defect structures and precipitates that
exist. In cold-worked ferrite, the substructure can consist of dislocations
clustered into cell walls, or of a uniform distribution of dislocations and
some deformation twins. After annealing, the substructure can consist of low-
angle boundaries., Cold-worked austenitic alloys can contain all the arrangements
of defects that are possible in cold-worked ferrite, with the addition of
stacking faults., The most complicated defect structures are those which result
from the transformation from austenite to ferrite. If the rate of cooling is
fairly slow, as after hot rolling, the resulting ferrite contains low-angle
subboundaries. If the rate of cooling is high, as in a quench, or if the
composition of the alloy is adjusted to produce a low Ms temperature, the
resulting ferrite has a martensitic structure, containing a very high density
of dislocations, closely-spaced boundaries produced by shear, and frequently,
very fine twins within martensite plates. The purpose of this paper is to show
how precipitation from solid solution is affected by substructure in ferritic,
austenitic and martensitic alloys. Several examples will be cited of the use
of precipitation on substructure to improve the properties of alloys.

Although research into the details of these processes is quite recent,
a great deal of information is being developed very rapidly, so the authors
hope they will be forgiven if they have overlooked any contributions.

2. Theory of Nucleation on Dislocations

According to the classical theory of nucleation, the total free
energy change, AF, accompanying the formation of a nucleus of a second phase
from a supersaturated solid solution can be expressed by

AF = AFvolume + OF

. (1)

The change in volume free energy must be negative. The changes in surface
free energy, 8F  rfaces and strain free energy, AFgtrain, due to formation of
the nucleus, are positive. The total change of free energy is positive and
increases to a maximum up to a critical size of the nucleus. When the radius
of the nucleus exceeds the critical value, r,, &F begins to decrease and the
nucleus will then be stable.

+ AF < e
surface strain
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The activation energy for precipitation is less at a dislocation than
in the perfect lattice. Cahn (1) has developed a theoretical treatment of
nucleation on dislocations. Assuming a cylindrical, noncoherent nucleus of
radius r lying along a dislocation, he associated the strain energy of the
dislocation with the strain energy required for nucleation, to reduce the bar-
rier to nucleation. According to his treatment, the free energy per unit length
of dislocation occupied by the nucleus can be expressed by

2

F=-Alogr+2nyr -n AFvolume r“+C (2)
where
A= -—922-— for an edge dislocation
4n(1-v)
Gb?

= for a screw dislocation

G = shear modulus
b = Burgers vector

v = Poisson's ratio

¥ = interfacial energy of the boundary

A minimum in free energy was found when the quantity

2A AFvo_l_ume
a = <1

- 2
ny

This circumstance, which is analogous to the presence of a Cottrell atmos-
phere, is indicated schematjcally in Fig. 1, at A. 1In Cahn's model, the free
energy can then increase with increasing radius of the nucleus. If the
quantity @ > 1, i.e., if supersaturation is higher, this barrier can disappear,
and the precipitate can nucleate and grow at a rate limited only by diffusion.
Cahn's model predicts that dislocations become more effective catalysts for
nucleation, relative to homogeneous nucleation, with increasing temperature
and increasing supersaturation. The temperature and concentration dependence
of the nucleation energy is greater at dislocations than for homogeneous
nucleation,

Since Cahn's paper was written, the physical situations existing
during precipitation have been found to be so complex (2) that his relatively
simple model cannot be expected to correspond to many of the observations. In
our own observations, for example, it has been found that the temperature and
concentration dependence of matrix nucleation is greater than for dislocation
nucleation.
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3.

Precipitation on Dislocations and Subboundaries in Ferritic Alloys

3.1 Precipitation of Interstitial Solutes

With the advent of transmission electron microscopy, precipitation
in Fe-C and Fe-N alloys has been investigated extensively in several
laboratories (3-8), and the effects of dislocations and subboundaries on
the kinetics and morphology of precipitation have become evident. In
general, dislocations are preferred sites for precipitation of carbides
and nitrides in iron, but grain boundaries are preferred at high aging
temperatures (low supersaturation) and matrix nucleation occurs at low
aging temperatures (high supersaturation). Because of uncertainty as to
the nature of the matrix sites, the term "homogeneous nucleation" will
not be used. The exact mode of precipitation is critically dependent
upon solute concentration, aging temperature, and dislocation density.

In both Fe-C and Fe-N alloys, a metastable phase is precipitated
at low aging temperatures. In common with nearly all low-temperature
precipitates in cubic metals, the particles form as disks on {lOO}a planes,
the disks being the configuration of minimum strain energy and <100>4
being the directions of minimum modulus of elasticity (2). These
phases are not affected by the nucleation site; they are the same whether
formed on dislocations or in the matrix, Most investigators have concluded
that the low-temperature carbide is the hexagonal ¢ (7,9,10) but there
remains a possibility that it may have a body-centered tetragonal struc-
ture, analogous to the structure of the a" nitride, FejgNo> (3,11). At
higher aging temperatures, cementite, Fe3C, is formed. It appears as
dendrites on {110}a, with the branches growing in <1113, (12,13). Both
carbides nucleate preferentially on dislocations, although they also
nucleate on unidentified matrix sites, at high supersaturation.

In the iron-nitrogen system, there appears to be no doubt of
the identification of the metastable nitride precipitated from ferrite at
low aging temperatures; it is the a" phase, FejgNp (5,14,15). The y' phase,
FeyN, precipitated at higher temperatures, is face-centered cubic. It can
nucleate at dislocations or at grain boundaries.

It is worth repeating that in both the Fe-C and Fe-N systems,
the structure of the precipitate is not affected by the nucleation site.
This is not necessarily true in other systems; for example, in some alu-
minum alloys where a sequence of precipitation occurs, the microstructure
consists of GP zones in the matrix and an intermediate phase on the dis-
locations (2).

If the dislocation density is not very high (< 108/cm2), and if
the aging temperature is low, uniform matrix precipitation is observed,
in addition to precipitation on dislocations. At higher aging tempera-
tures, the supersaturation of the same alloy is less, and precipitates
form exclusively on dislocations. Fig. 2 illustrates these differences
in an Fe-0.02 wt.®% N alloy, aged at 1000 and at 200°C. 1If the dislocation
density in an Fe-N alloy is high (> 109/cm2), precipitation on dislocations
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predominates, but the details of precipitation change with aging temperature,
At low aging temperatures, precipitation occurs on all dislocation segments,
irrespective of dislocation orientation. The precipitates thus formed are
dendritic (Fig. 3a). In the same alloy aged at higher temperatures, precipi-
tates form only on dislocations lying on ?1oo}a, the habit plane of the
precipitate (Fig. 3b). This difference is presumed to be due to the
difference in chemical driving force. At the higher aging temperature,
AF,, o 1ume in Eq. 1 is smaller, and dislocations must be favorably oriented

for their strain energy to suffice for nucleation. At the lower temperature,
the nitrogen atoms segregate to all dislocations, and since the chemical
driving force is higher, precipitation occurs even on dislocations not lying
on {lOO}a. In this circumstance, jogs probably first form on {100}6, then
nitride particles grow from these jogs.

Dislocation orientation has a definite effect on the precipitation
of carbides and nitrides in alpha iron. On pure screw dislocations, the
precipitate can form as a spiral (Fig. 4). The alloy illustrated is
Fe-0.45% Mn-0.017% C, quenched from 7209C, then aged 1 hour at 100°C. The
plane of the foil is {110} and the directions of the dislocations are [111]
and [111]. It is well known that screw dislocations can be converted to
helices by vacancy condensation. Such helices have not been observed in
quenched, high-purity iron. Their presence in the Fe-Mn-C alloy suggests
that the substitutional or interstitial solute atoms inhibit the annealing-
out of vacancies, which then congregate at screw dislocations, prior to
precipitation.

Precipitation can occur preferentially on one side of edge disloca-
tions. Fig. 5 shows a simple tilt boundary, decorated with a precipitate
of FejgN2. It was not established whether the precipitates form on the
tension or on the compression side of the dislocations. They would be
expected to form on the tension side if vacancies were not involved in the
precipitation process. In either case, precipitation should be confined
to one of the three {100} planes, which is what is observed in Fig. 5. The
subboundary illustrated also contains a few "foreign" dislocations, which
intersect and interact with the edge dislocations, forming short segments
at the points of intersection. The mode of precipitation on these "foreign"
dislocations and short dislocation segments differs from that on the edge
dislocations.

Some dislocations on subboundaries are more favorable sites for
precipitation than others., Precipitation in an Fe-3% Si-0.01% C alloy
seemed to favor the [100] segments of the dislocation network formed by
the reaction a/2 [111] + a/2 [111] » a[100], (Fig. 6). In Fig. 7, preci-
pitation on one set of dislocations in the subboundary has a stepwise
appearance and appears very dark, whereas the precipitate on the horizontal
parallel set of dislocations is much lighter in shade. The zigzag disloca-
tions are believed to be a metastable configuration formed by a dislocation
interaction, as shown schematically in Fig. 7.
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3.2 Precipitation of Substitutional Solutes

In a sustained effort to determine the important factors governing
the precipitation of substitutional solutes from ferrite, studies have been
made of the binary alloys of iron with copper and gold (16), titanium and
niobium (17) and phosphorus (18). Nucleation in an alloy containing 1.1
atom per cent copper, aged at temperatures from 500 to 700°C after quenching
from 840°C, was compared with nucleation in an alloy containing 1.1 atomper cent
gold, similarly treated, The precipitating phase in both instances is face-
centered cubic, being a dilute solution of iron in copper or in gold. In the
Fe-Au alloy, nucleation occurred exclusively on dislocations and subboundaries,
(Fig. 8), but in the Fe-Cu alloy, nucleation was general (Fig. 9). Hornbogen(16)
attributed this difference to the difference in atomic size of the solute
atoms. The copper atom is nearly the same size as the iron atom, and the
atomic volumes of matrix and precipitate are almost identical. Little
strain energy should be required for nucleation of the copper-rich phase.
On the other hand, the gold atom is much larger than the iron atom
(rpu/rre = 1.13) and the atomic volume of the precipitate is much greater
than that of iron. In the precipitation of copper, almost the only barrier
to be overcome is the surface energy. To nucleate a particle of gold,
however, a large strain energy barrier must be overcome, in addition to the
surface energy, so the core energy of dislocations must be utilized.
Precipitation tends to be confined to dislocations and subboundaries. This
conclusion of the predominant effect of solute atom size on selection of
nucleation site, based as it is on one solute concentration, would be
strengthened by similar studies made with other concentrations. As will
be shown later, copper precipitates can be restricted to dislocations
when the supersaturation is lower.

Hornbogen proposed that nucleation of gold-rich particles on dis-
locations occurs in several steps:

l. Segregation of gold atoms to dislocations.

2. Formation of stacking faults on {IOO}G by the reaction

a a a
sn]=-3 [110] + 5 [001].
3. Segregation of gold to the stacking fault.

The a/2 [110] dislocation is glissile and can move as fast as gold atoms
can segregate into the stacking fault. The a/2 [001] dislocation is sessile
and remains in its original position as the stacking fault grows.

Speich (17) has found that dislocations and grain boundaries in
ferrite are preferred sites for nucleation in Fe-Ti and Fe-Nb alloys. The
precipitates are the MgZn, type Laves phases FepoTi and FepNb, respectively.

Precipitation in the Fe-P system shows some interesting differences

from the examples discussed previously. To obtain a high degree of super-
saturation and a controlled density of dislocations, Hornbogen (18) gquenched
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a ferritic Fe-1.8% P alloy from llOOOC, immediately after hot rolling, The

sequence of precipitation during subsequent aginy at 500°C is shown in Fig, 10.

The as-quenched specimen contained subboundaries and isolated dislocations
(Fig., 10a). Precipitates began to form at dislocation intersections (Fig,
10b) after 4 hours at 500°C, Considerable growth had occurrecd after 10
hours' aging (Fig. 10c). Only after 54 hours' aging at 500°9C dic nucleation
occur in the matrix, and then the particles differed from those formed on
dislocations, being rods instead of plates. The rods grew on {100}0 in
<012>4 directions.

It is a general observation (3,t,18)that precipitate particles
nucleated on dislocation networks (subboundaries) do not grow to be as
large as those nucleated on isolated dislocations or in the matrix. When
nucleation sites are closely spaced, as in a subboundary, the volume from
which a growing particle can draw solute atoms is severely limited, and
growth soon stops. This limitation is not imposed on particles growing
on isolated dislocations, or in the matrix. This effect is illustrated in
Fig. 11.

Studies of rates of growth of precipitate particles are complicated
by the general finding (3,16,19) that not all nuclei grow until the matrix
has reached the equilibrium concentration of solute., Growth of larger
particles occurs at the expense of smaller ones, long before the matrix is
depleted of solute. A particle on an isolated dislocation can grow at
the expense of smaller particles in a subboundary, or in the matrix,

It has also been found (3,18) that the temperature dependence of
matrix nucleation is greater than that of dislocation nucleation. This
effect, in an Fe-1.8% P alloy, is illustrated in Fig, 12, Matrix nuclea-
tion is favored by decreasing temperature, li.e., increasing supersaturation.
By extrapolation of the lines in Fig. 12, matrix and dislocation nucleation
of phosphides would be simultaneous at about 350°C,

Precipitation on Substructure in Austenitic Alloys

4,1 Precipitation on Dislocations

The factors which influence precipitation on dislocations in
ferrite also affect precipitation on dislocations in austenite, The size
effect discussed in Section 3.2 is apparently involved in some interesting
observations made by Irani and Honeycombe (20) on precipitation of carbides
on dislocations in retained austenite in Fe-4% Mo-02% C and Fe-1% V-0.2% C
alloys. Specimens were quenched, then tempered at 500 and 700°C. Ir the
Fe-Mo-C alloy tempered at 500°C helical dislocations were formed very
similar in appearance to those illustrated in Fig. 4 of this paper. Addi-
tional tempering caused the formation on dislocations of a very fine preci-
pitate, which later became recognizable as Mo,C. On the other hand, dis-
locations did not play a major role in precipitation of carbides in the
Fe-V-C alloy. These carbides appeared to form in the matrix from zones
rich in vanadium and carbon. At least part of the difference in precipi-
tation was attributed to the difference in atomic diameter between

399



molybdenum and vanadium, The larger molybdenum atom would tend more to
segregate at dislocations than would the atoms of vanadium. Also, nuclei
of molybdenum carbide would be less easily accommodated in the perfect
lattice than would nuclei of vanadium carbide, which has a smaller unit
cell, The net effect on nucleation is analogous to the differences in the
precipitation of copper and gold from alpha iron.

Dislocations can be generated around large, undissolved carbide
particles in austenite, or in ferrite, during the cooling of the steel,
because of the stresses generated by contraction of the matrix around
the particle. Such dislocation networks can serve as nucleation sites for
precipitation during subsequent aging (17,21).

4,2 Precipitation on Twin Boundaries in Austenitic Alloys

Hatwell and Berghezan (22) employed a Type 316 stainless steel in
a study of precipitation of My3Cy carbides at the boundaries of annealing
twins in austenite. If the specimens are carefully handled during the
solution and aging treatments, the twin boundaries remain coherent and
are not preferred sites for precipitation. However, if the quench is
drastic, or if the specimen is strained plastically prior to aging,
dislocations pile up at the twin boundaries, i.e., coherency is lost, and
these boundaries then become preferred sites for precipitation. The shape
of the precipitated carbide in this instance depended upon the nucleation
site; at grain boundaries the carbides were dendritic, whereas at the
twin boundaries the precipitate particles were triangular, growing on {111}Y
planes,

It should be noted here that the boundaries of mechanical twins in
ferritic alloys always contain a high density of dislocations; matrix-
mechanical twin boundaries are never coherent, so they should provide an
abundance of nucleation sites for precipitation.

4.3 Precipitation on Stacking Faults in Austenitic Alloys

It was first pointed out by Suzuki (23) that solute atoms can
segregate to stacking faults and thereby lower the stacking fault energy.
Hendrickson (24), using the data of Howie and Swann (25), and Suzuki (26)
have recently calculated the extent of such segregation. Once segregation
has occurred, precipitation at the stacking fault will be favored because
of the reduction of the surface energy term, AFgyrfaces in Eq. 1.

Nicholson (27) has shown that stacking faults in an Al-7% Mg alloy can act

as nucleation sites for an hexagonal precipitate. More recently, van Aswegen
and Honeycombe (28) have observed the precipitation of NbC on stacking faults
in an 18% Cr-10% Ni-1% Nb austenitic stainless steel, After quenching from
1300°C, precipitation of NbC occurred during tempering in the range 6509 to
8500C, Dislocations in the as-quenched alloy were not dissociated.

Stacking faults began to appear after 5 hours at 700°C, and longer periods

at this temperature resulted in formation of NbC, as shown in Fig, 13. The
precipitation of the carbide at the stacking faults was attributed to the
prior segregation of niobium atoms. Tempering above and below the 650°-
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850°C range led to precipitation of NbC on undissociated dislocations, but
the maximum strengthening corresponded to the onset of precipitation on
stacking faults.

Similar observations on stacking fault precipitation in the same
alloy were made by Pickering, Burns and Keown (29), They determined that
the faults lie on {lll}Y, and the orientation reletionship is {IOO}NbC"{IOO}Y
and <100>y:1I<100>..

Precipitation on Transformation Substructure

5,1 Types of Transformation Substructure

Kelly and Nutting (30,31) found principally two types of transformation
substructure in iron-base alloys. The first type, characteristic of high-
carbon martensites, consisted of internally twinned plates. This is illus-
trated by the microstructure of a quenched 1,08 C steel (Fig. 14). The twins,
which are parallel to {112}y ,are about 100 R thick and irreqularly spaced.
These internal twins evidently arise from the need for an inhomogeneous
"second”" shear accompanied by a "first" shear which is homogeneous on a
macroscopic scale, to generate the martensite lattice from the austenite.

The internal twins constitute this "second" inhomogeneous shear. The inter-
nally twinned plates have also been observed (30,31) in quenched 0.4 and 0.8% C
steels, in martensite formed at -95° and -196°C in an Fe-20% Ni-0.8% C steel,
and in Fe-30% Ni alloys by Nishiyama and Shimizu (32,33) and Warlimont (34).

The second type of transformation substructure is characteristic of
quenched martensites in low-carbon steels and in 18-8 stainless steel. It
consists of martensite needles with no internal twinning but with a very high
dislocation density. An example from a 0.1% C steel is shown in Fig. 15.

The long axis of the needles is parallel to <1l1>y. As the carbon content

of the martensite is increased there is an increasing tendency for the needles
to be grouped together in the form of "sheets". The orientation difference
between needles in the "sheet" is usually oniy a few degrees although in some
cases they seem to be twin related. This type of trarsformation substructure
is also characteristic of martensite formed in Fe-30% Ni alloys and in other
alloys of similar nickel content, such as the maraging steels (35). An
example of the structure of an Fe-30% Ni martensite is shown in Fig. 16.

The transition from needles with a very high dislocation density
in a 0.1% C steel to internally twinned plates in a 1.0% C steel occurs
gradually as the carbon content is increased. Intermediate carbon contents
contain mixtures of both types. Kelly and Nutting (31) postulated that the
two factors controlling the type of transformation substructure are the trans-
formation temperature and the stacking fault energy, with the composition
of the steel only affecting the substructure through its effect on these
two parameters. High Ms temperatures and low stacking fault energies favor
the formation of martensite needles, whereas low Ms temperatures and high
stacking fault energies favor the formation of internally twinned plates,

5.2 Tempering of Iron-Carbon Martensites

Kelly and Nutting (30,31) examined the structural changes during the
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tempering of 0.14 and 1.0% C steels and Turkalo (36) has studied the tem-
pering behavior of a 0.42% C steel. In the 0.14% C steel, auto-tempering
occurred during quegching and Widmagstﬂtten carbides in the form of plates
or laths about 100 A wide and 1500 long were visible in about 108 of the
grains in the as-quenched structure. After tempering at 300°C, carbide
particles were visible in all grains. Further tempering increased the thick-
ness of the carbides.

In the 0.42% C steel studied by Turkalo (36), the primary substructure
appeared to be martensite needles with a high dislocation density, although
some internal twinning was evident. Although Turkalo indicated that the
twins were within the "needles", the structure may actually be a mixture
of internally twinned plates and twin-free martensite needles, as Kelly
and Nutting (30) found in a 0.4% C steel. On tempering at 205°C carbide
films appeared at the martensite needle boundaries. After tempering at
3159C, two types of carbides appeared within the grains--"streaky" carbides
and "crystallographic" carbides which formed in two directions in the mar-
tensite. The latter carbides appear to be parallel to {110}a. Examples
of both types are shown in Fig. 17. The carbide films at the martensite
needle boundaries become thicker and less continuous at higher tempering
temperatures, With further increases in tempering temperature, spheroidiza-
tion of the carbides occurred, along with the formation of subboundaries in
the ferrite, and eventually, recrystallization of the ferrite. The struc-
ture after tempering at 595°C consisted of fine ferrite grains and spheroidized
carbides.

In 1.0% C steel the primary substructural feature that influences
precipitation appears to be the internal twins (30,31). Tempering at 200°C
resulted in the appearance of carbides lying along the twins in the mar-
tensite, together with tiny precipitates perpendicular to the twin plane.
These small precipitates disappeared after tampering at 300°C, whereas the
lath-1like carbides lying along the twins became more prominent (Fig. 18).

These latter carbides were identified as cementite, with the
orientation relationships

(211)4/1(001)fe.c
[0T11a/I[100]g e c
[111]5H[010]g ¢
The small precipitates formed normal to the twin plane are believed to be

€ carbide, although the diffraction patterns obtained by Kelly and Nutting (31)
were not sufficient to allow identification.

5.3 Precipitation from Substitutional Martensjites

Recently, much attention has been focused on precipitation from
substitutional martensites, principally because of development of precipi-
tation hardening stainless steels (37) and "maraging" steels (38). The
structure of the martensite in these alloys is of the same type shown
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in Fig. 16 for an Fe-20% Ni alloy. The martensite "needles" contain a very
high density of dislocations, but no internal twins. The substructural
features affecting precipitation are the boundaries between the needles and
the dislocations within the needles. A polygonized substructure can be
formed by recovery of the transformation substructure itself, as shown in
Fig. 19 for an Fe-18% Ni-7% Co alloy aged 100 hrs. at 500°C, 1In this

alloy no precipitation occurred since it was aged in an a + y region.

Another process that may occur during precipitation in substitu-
tional martensitic alloys is the formation of austenite, since the alloys
are generally aged at a temperature at which austenite is stable. The
structure of an Fe-20% Ni alloy aged in the a + v region for 100 hrs. at
500°C is shown in Fig., 20. X-ray diffraction indicated that the specimen
contained 40% austenite after this treatment. The extinction fringes are
believed to outline the thin films of austenite, which appear to form in
the martensite needle boundaries; thus, the sites for austenite formation
may be controlled by the original transformation substructure. 1In alloys
in which an intermetallic compound precipitates, recovery of the transforma-
tion substructure and formation of austenite may be occurring simultaneously
with precipitation.

The precipitation of intermetallic compounds from martensitic alloys
is affected principally by the dislocations within the martensite needles.
Fig. 21 shows the very fine dispersion of Ni3Ti particles that forms on agingof
an Fe-20% Ni-1% Ti alloy. Fig. 22 is an example of precipitation of copper
in an Fe-20% Ni-10.7% Cu alloy. Fig. 23 shows precipitation in an Fe-18% Ni-
7% Co-5% Mo alloy, which has nearly the same composition as some maraging
steels, but without titanium. In all three instances the precipitate occurs
in an extremely fine dispersion as a result of the high density of disloca-
tions giving a high density of nucleation sites.

Effects and Applications of Precipitation on Substructure
6.1 The Role of Substructure in Quench-Aging and Strain-Aging of Iron and Steel

1t has been demonstrated (3,6,19) that the strengthening associated
with quencii-aging in Fe-C and Fe-N alloys and in commercial low-carbon steels,
depends upon a uniform dispersion of fine precipitated particles in_the matrijx.
If precipitation is restricted to the dislocations present before aging, an
uneven dispersion of relatively coarse particles results, and the inter-
particle spacing is uaually too great for effective strengthening.

In contrast to quench aging, strain aging in iron and steels is
strongly dependent upon interactions between interstitial solute atoms and
the dislocations introduced before or during the aging treatment. A question
frequently arises as to whether the strengthening associated with strain-aging
is due to segregation of interstitial atoms to dislocations, to the actual
formation of precipitates at dislocations, or both. According to Cottrell
and Bilby (39) the dislocations should be saturated when the concentration of
interstitial solutes reaches one atom per atom plane per dislocation line.
Later experiments, especially those employing internal friction to determine
the kinetics of precipitation, suggest a higher degree of segregation (40-42).
These results suggested that precipitation, as well as segregation, occurred
during strain aging. Wilson and Russell (43), using a replica technique,
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showed some evidence of precipitation during strain aging. The Cottrell-Bilby
theory has been modified by Bullough and Newman (44) to accommodate precipita-
tion.

By means of transmission electron microscopy, Leslie and Keh (45)
have shown that precipitation need not necessarily occur during strain
aging. In an Fe-C alloy, slowly cocled from the annealing temperature, and
in an Fe-N alloy quench-aged at a very low temperature then strained and
aged, no additional precipitates were observed on dislocations, although
there was a return of the yield point, and a sharp upward shift in the flow
curves, The structures prior to strain aging consisted of ferrite and large
carbide or small nitride particles. During straining and aging, a small
fraction of the carbon and nitrogen probably re-dissolved and segregated
along dislocation lines, However, in these circumstances. it is quite
impossible for new particles to form. As pointed out by Kelly and
Nicholson (2). a precipitate on a dislocation is not in a lower energy state
than one of the same type in the matrix, and there can be no tendency for
the former to grow while the latter dissolves,

On the other hand, if one starts with Fe-C or Fe-N, or with a
low-carbon steel, in the condition of a supersaturated solid solution, then
strains and ages the specimens, precipitation on dislocations will occur in
the later stages of aging. This is superposing quench aging upon strain
aging. Fig. 24 illustrates the aging of an Fe-0.02% N alloy, quenched from
500°C, then strained 3% in tension. After one minute at 100°C, no precipi-
tates could be seen on the dislocations introduced during prestrainingj
however, an appreciable amount of strain aging had occurred. The strain
aging index continued to increace with aging time. reaching a plateau after
10 minutes. At this point, the first fine precipitates were observed on
dislocations. As aging proceeded, the alloy continued to strengthen., The
precipitates on dislocations continued to grow, and particles began to form
in the matrix as shown in Fig. 25a. After two hours at 1009C, the strain
aging index reached a maximum, As aging progressed, the nitride particles
agglomerated, freeing some dislocation segments (Fig. 25b). This change
in structure was accompanied by a decrease of the strain aging index. It
should be noted here that the first particles seen on dislocationg are
discrete platelets, lying on {100}“,,with a diameter of about 30 K. This
observation differs from the theory of Bullough and Newman (44), who
deduced a continuous particle, lying along the dislocation line,

The strain aging of steels is usually considered to have undesirable
consequences in the way of reduced ductility, embrittlement and surface flaws,
but overemphasis of these effects can serve to obscure the fact that strain
aging can be an economical means of raising the strength level. The recent
interest in warm-working of steels ie a case in point (46). When steels are
worked in the temperature range between 150 and 350°C, aging occurs simultan-
eously with straining. The rate of work-hardening is much greater than during
straining at room temperature. It has been found (19) that the dislocation
density after straining a low-carbon steel 3% at 2000C is about five times
higher than in the same steel strained 4% at room temperature, This evidence
supports the proposal (45) that dislocations strongly pinned during strain
aging are not freed from their atmospheres, but that straining proceeds by
the generation of new dislocations.
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6.2 Control of Recrystallization by Precipitation on Substructure

Precipitation on substructure can be used, in a practical sense,
to control the structure and properties of alloys. One such instance is the
use of precipitation on substructure in a cold-worked metal to control the
kinetics of recrystallization, and the grain size and shape, texture and
mechanical properties in the annealed, recrystallized condition, The
process depends upon solution of an alloying element or compound in the
alloy. This may occur during hot rolling. Following the solution treatment,
the alloy is cooled rapidly to retain the solutes in supersaturated solid
solution, then cold worked and annealed. By suitable control of the
annealing cycle, precipitates can be nucleated at subboundaries (cell walls)
before the cells have grown to form recrystallized grains. Nucleation of
such precipitates stabilizes the cell structure, greatly decreasing the
number of cells which can grow, thereby decreasing the overall rate of
recrystallization, and producing fewer and larger recrystallized grains.

Commercially, the most important application of this process
is in the production of low-carbon, aluminum-killed sheet steels for
applications involving severe forming. The precipitate in this instance
is aluminum nitride. Fig. 26, taken from Rickett, et al (47), illustrates
the drastic change in recrystallization kinetics that results from the
precipitation of this compound during the annealing of cold-rolled low-carbon
steel. Theé phenomencn does not depend upon precipitation of aluminum nitride
alone, however. The following examples are taken from a dilute alloy of
copper in iron (48). Fig. 27 illustrates the differences in structure pro-
duced in iron by precipitation during the process of recrystallization. In
the high-purity iron, the recrystallized grains are nearly equiaxed. In the
dilute Fe-Cu alloy, the grains are much larger and are in the shape of pancakes,with
their diameter being about four times their thickness. This is the type of
ferrite structure which gives aluminum-killed, low-carbon sheet steel its
optimum drawing properties. The stepped annealing treatment of 3 hours at
500°C, followed by 5 hours at 700°C, initiates precipitation on the cell walls
in the cold-worked alloy, then completes the process of recrystallization.

To obtain this structure of elongated recrystallized grains two
factors are necessarys

1. A decrease in the number of "nuclei" for recrystallization, i.e. a
decrease in the number of cells which grow to become recrystallized
grains. Fewer "nuclei" results in fewer and larger recrystallized
grains. '

2. Barriers at the boundaries of cold-worked grains which prevent the
new recrystallized grains from growing across these boundaries.
The recrystallized grains tend to conform to the shape of the prior
cold-worked grains.,

Both factors are present when precipitation occurs preferentially
on cell walls and on grain boundaries. Fig. 28, taken from Leslie,
et al (49), shows preferential precipitation of copper in cell walls, which
is effective in preventing migration of these walls, i.e., recrystallization
is strongly inhibited, This preferential precipitation occurs despite the
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fact that, as discussed in Section 3.2, there is not a strong elastic
interaction between copper atoms and dislocations in iron. The effect might
be even more pronounced if there were a large size difference between the
iron and the solute atoms.

Fig. 29 shows the other requirement for the elongated grain ferrite
structure, precipitation in grain boundaries. The growth of the few cells
which do break away from the contraint of the precipitate particles in cell
walls is stopped at the grain boundaries. Thus, only one of two grains may
be nucleated within each prior cold-worked grain, and these grow principally
within the bounds of the cold-worked grain, giviny the pronounced elongation
shown in Fig. 27.

Precipitation occurring after cold rolling, but before recrystalliza-
tion, can also be used to control texture. The precipitation of copper in
cold-rolled iron, for example, tends to increase the retention of the cold-
worked texture after annealing and prevents the formation of the usual
annealing texture (48).

This procedure of controlling microstructure and texture by
preferential precipitation on substructure should be applicable to many
metallic systems (e.g. iron in aluminum, "doped" tungsten), but to date it
has not been consciously exploited to any great extent. Increased applica-
tion may follow improved understanding of the process,

6.3 Use of Substructure to Reduce Grain Boundary Embrittlement

In systems wherein grain boundary embrittlement duc to segregation
of solutes is a problem, ductility can be improved by intrcducing substructure,
which serves to decrease the concentration of solute at the grain boundaries.
For example, it is impossible to quench an iron-1.8% phosphorus alloy from
high temperatures without producing intergranular cracks (50). However, if
the alloy is hot-worked immediately before quenching, the cracks are eliminated
and the alloys can subsequently withstand slight plastic deformation at room
temperature, The density of substructure introduced by hot rolling is illus-
trated in Fig. 30. After hot rolling to 80% reduction in thickness at 1100°C,
the high angle grain boundaries are not visible in the welter of dislocations.

6.4 Reduction of Creep Rate by Precipitation on Substructure in Austenite

A fourth example of the practical value of precipitation on sub-
structure is the improvement of the creep characteristics of Type 316 aus-
tenitic stainless steel developed by prestraining at room temperature, followed
by aging at 480° then at 705°C (51). This pretreatment leads to the preci-
pitation of Mp3Cq carbides at dislocation sites. In the absence of prestrain,
creep testing at 705°C results in the precipitation of coarse carbides at
grain boundaries. For a testing temperature of 705°C, the minimum creep
rate decreases and the rupture life increases as the prestrain is increased
up to 25 or 30%., At these levels of prestrain, most of the dislocations are
present in broad deformation bands. Precipitation within these bands, as
shown in Fig. 31, is much more effective in decreasing the minimum creep
rate than is a general dispersion of particles., A pretreatment of 24 hours
at 4809C and 216 hours at 7059C decreases the minimum creep rate by a factor
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of 250 and increases the rupture life by a factor of 10 during creep testing
at 7050C0

Hatwell and Berghezan (22), who also employed Type 216 stainless,
found precipitation within grains only after 20% plastic strain., The
difference between their results and those of Garofalo, et al (51}, is almost
certainly due to the two-stage aging treatment used by the latter. The
initial treatment at 480°C nucleated carbides at dislocations and the sub-
sequent treatment at 7050C allowed these to grow. Hatwell and Berghezan
aged their specimens at 7500C after plastic deformation, a temperature too
high for nucleation on dislocations, unless the dislocation density is quite
high,

Irvine, Murray and Pickering (529 have shown that precipitation on
dislocations and subboundaries in an austenitic stainless steel can be con-
trolled by warm-working, as an alternative to the straining and aging sequence
employed by Garofalo, et al (51), and by Hatwell and Berghezan (52).
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(@ 1 hr., 100°C, MATRIX PLUS DISLOCATION (b) 10 min., 200°C, DISLOCATION

FIG. 2 -- EFFECT OF AGING TEMPERATURE ON THE NUCLEATION OF FejgNo IN AN Fe-0.02% N
ALLOY,
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FIG. 14 -- INTERNAL TWINNED STRUCTURE OF MARTENS ITE PLATES
IN A QUENCHED 1.0% C STEEL (KELLY AND NUTTING30)

FIG. 15 -- MARTENSITE NEEDLES WITH NO INTERNAL TWINNING
BUT HIGH DISLOCATION DENSITY FORMED IN A 0.1% C
- STEEL. (KELLY AND NUTTING30)
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FIG. 16 -- STRUCTURE OF MARTENSITE IN AN Fe-20 Ni ALLOY.

N
%

FIG. 17 -- CARBIDES FORMED IN A 0.42% C STEEL TEMPERED AT
6000F 3159C) (a) ''STREAKY CARBIDES", ()" CRYSTAL-
LOGRAPHIC CARBIDES" (TURKAL036)
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FIG. 18 -- 1.0% C STEEL TEMPERED FOR 1 HR. AT 300°C
(KELLY AND NUTTING3))

‘{'\ P J‘._.'__"'
FIG, 19 -- POLYGONIZED SUBSTRUCTURE FORMED BY RECOVERY

OF TRANSFORMAT ION SUBSTRUCTURE IN AN Fe-18
Ni-7 Co ALLOY AGED AT 500°C FOR 100 HRS.
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FIG. 20 -- FORMATION OF AUSTENITE IN AN Fe-20Ni ALLOY
AFTER AGING AT 500°C FOR 100 HRS.

FIG. 21 -- PRECIPITATION IN A MARTENSITIC Fe-20Ni-1Ti
ALLOY AGED AT 500°C FOR 24 HRS.
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FIG. 22 -- PRECIPITATION IN A MARTENSITIC Fe-20 Ni-10 Cu
ALLOY AGED AT 5000C FOR 100 HRS.
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FIG. 23 -- PRECIPITATION IN A MARTENSITIC Fe-18 Ni-7 Co-5 Mo
ALLOY AGED AT 5000C FOR 8 HRS.
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FIG. 28 -- COPPER PRECIPITATED IN CELL BOUNDARIES. Fe-0.8% Cu,
COLD ROLLED 60%, HELD 3 HRS. AT 500°C, 10 MIN. AT
6500C.
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Deformation and Annealing Sub-Structures of Niobium and their Relation to the
Mechanical Properties and Precipitation Phenomena,

A, Berghezan and A, Fourdeux

Union Carbide European Research Associates, S, A,
95 Rue Gatti de Gamond, Bruxelles 18, Belgium,

Part ] : Deformation Sub-Structure of Niobium and its Relation to Mechanical
Properties.

Introduction

During the last decade, several deformation theories of metals have
been developed, most of them based exclusively on theoretical models of the
dislocation structure of deformed metals, Of particular interest are those
related to the b.c.c. metals as they represent a very important class of
materials such as iron, steel and refractory metals. Among these theories,
that of Cottrell was received with particular enthusiasm since it appeared
to be of rather general applicability.

Cottrell's theory tries mainly to explain the g and k parameters
of the Petch (1) empirical equations which relate the brittle fracture stress and
the lower yield point to the grain diameter by the following simple equations :

o = 0o t+ kg d'%
Oy = 0o * ky. d't

Another important fact, found by Heslop and Petch (2), is the large
increase in the yield stress when the deformation temperature is decreased.
Fig.1 shows graphically the important experimental factors found by Petch.

Since the 0, and k parameters are not interpreted in the Petch
relation, Cottrell (3) tried to give them a physical meaning. In his concept g,
should be considered as the shear stress resisting the movement of dislocations
along the slip planes after they have been unpinned from the impurity atmosphere,
whereas k is the product of the shear stress (op) needed to unpin a dislocation
from its atmosphere and the distance (1) which separates the first dislocation in
a pile-up against a grain boundary barrier from the source at which the
dislocations of the pile-ups were nucleated. In the Cottrell notation, the Petch
relation becomes

Oy = G + ky. a-® where k, = op.

This theory thus assumes a definite dislocation model (Fig.2) of the
deformation process in which three factors are given an important physical -
meaning : the lattice friction stresses (0;), the pile-up of dislocations against

specific barriers (grain boundaries) and the dislocation sources situated inside
the grains,
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The Cottrell theory developed only for iron and steel has also been
found adequate for the refractory metals both of group V (V, Nb, Ta) and VI
(C»,Mn, W) of the periodic table (4-11). It was therefore thought that this theory
might be considered as valid for the deformation of all the b, ¢, c. mietals.
However, further work on refractory metals, principally by Johnson's group (12)
(Johnson and Wronski (13)), questioned its extension to the refractory metals,
although this doubt was not shared by all workers and the applicability to iron and
steel was never called into question,

A number of further theories have been developed based on other
hypothetical dislocation mechanisms, but all suffered from the fact that their
exact verification was extremely difficult, if not impossible, so long as the
behavior of the dislocations must be inferred from indirect measurements., With
the advent of transmission electron microscopy, however, the situation changed
almost overnight because at last a tool was available whereby the deformation
process could directly be observed at an atomic scale, The primary purpose of
the present work is to report the contributions of this technique to the
experimental evaluation of the principal theories that have been proposed and to
study at first hand the interaction between the dislocations and impurities
remaining in the metal during the deformation and precipitation annealing. The
present study, however, is in the nature of a progress report since the results
are so far confined to niobium deformed only at room temperature.

Experimental Techniques,

Niobium which had been prepared by electron beam melting was used
in all experiments and had the following analysis : 240 ppm carbon, 100 ppm
oxygen and 90 ppm nitrogen. The ingots which were initially of 10 mm diameter
were first cold rolled to a thickness of 0,41 mm and then annealed in vacuum at
various temperatures and for various times to permit recrystallization and grain
growth,

It was found necessary to perform two series of deformations ; one
inside and the other outside the electron microscope. The final dislocation
pattern observed in the latter series can frequently be understood only when the
various steps in producing this pattern are seen in the microscope itself, The
deformations outside the microscope started with the 0.1 mm sheets which
were stretched in a Chevenard micro-tensile machine up to precisely
predetermined points on the stre ss-strain curve and the samples so prepared
were electrolytically thinned for viewing in the electron microscope ; the sam-
ples stretched in the instrument were first electrolytically thinned.

The majority of the samples used to investigate the initial,
recrystallized material were treated at 1400°C for periods up to 15 hours and
produced metal with grain sizes in the range between 5 and 10 y diameter,

These samples are characterized by the complete absence of sub-

boundary networks and an extremely small dislocation density within the
grains ; the grain boundaries appear to have achieved at least quasi-stable
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positions since the interboundary angles at intersections approximate 120°
(See Fig.3). In Fig. 4 the stress-strain curve of these samples is shown,
where it is seen that the elastic limit is decidedly low but there is an
extremely large elongation, The most striking feature, however, is the
extraordinarily small rate of work hardening - it may in fact even be zero,
In this respect niobium definitely differs from iron and the members of
group VI where the work hardening rate is appreciably larger,

Examination of Samples Deformed Outside the Electron Microscope

The early stages of the deformation are characterized by a very
great heterogeneity, So long as the total deformation remains below about
3.5% there is an enormous difference in the behavior of different grains ; some
show large dislocation concentr.tions while others seem to have been totally
unaffected ; a fact which is undoubtedly to be attributed to the different
orientations of the grains, This is seen clearly in Figs. 5, 6, 7 and 8 which
represent different fields in a sample elongated by 1,9%. Two different types
of dislocation may be seen : long dislocation lines and dislocation loops. These
differ considerably in aspect anc distribution, The lines are sometimes
straight and well-oriented but more often they are irregular ; curved with
frequent cusps or straighter with numerous jogs. The loops appear to be of
two different sorts : small, almost round rings and large elongated loops.

It is believed that they are formed by two different mechanisms, as will be
mentioned in some more detail later,

The réle of grain boundaries in the deformation process is worthy of
special note since, on occasion, they are seen to serve as preferred sources
of dislocations (Fig.9) or as acceptors of mobile dislocations and at all times
they form very effective barriers, but against which the dislocations do not
form pile-ups (Fig.10), This last is of particular significance in b, c. c.
metals because precipitate particles, as will be seen in a moment, cannot
serve this function, When acting in their guise as acceptors, the grain
boundaries readily accommodate the newly arriving dislocations thereby
modifying their structure far more drastically than would correspond
to the change of dislocation density within the grains,

On the portion of the stress-strain curve between about 2% and
3.5% elongation the deformation remains very heterogeneous from grain to
grain but there is a considerable increase in dislocation density particularly
of the two kinds of dislocation loops mentioned above. These appear to
increase more rapidly than do the mobile dislocations, This may be seen in
Fig. 11 which is reasonably typical of this stage although it should be
emphasized again that there is a wide variation from grain to grain again
probably depending on orientation,

In Fig.12 a high angle grain boundary is seen. In the starting

" material these boundaries do not show normally any structure because their
dislocation network is too fine to be resolved, but the fresh dislocations
arriving at the boundaries during the deformation make changes in the initial
uniform contrast and the new dislocations can readily be resolved and studied,
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Thus it appears reasonable to assume that the dislocations seen here are new
ones that have been accepted by the boundary. However, it is not yet certain
whether these new arrivals lie actualiy in the plane of the boundary or in
closely neighboring planes ; the iatter is the more probable.

One other important point is illustrated by this figure (Fig,.12) :
the grain boundaries are at first not ''rigid" and only serve to stop the
dislocations ; but they are rather "plastic' in that they accommodate the new
arrivals into their structure thereby growing and producing kinks, etc, and
rearranging their structures., As this process continues, however, the boundaries
become more and more rigid and find it increasingly difficult to accommodate
the further dislocations,

The interaction of mobile dislocations with precipitate particles
is illustrated in Fig. 13 and 14, Here it should be cautioned that the apparent
size of the precipitate particles is exaggerated by the low magnification used ;
at higher magnification they appear as small dots along the dislocation line on
which they nucleated during recrystallization annealing but perpendicularly
oriented to it, It is clear from these figures that precipitates, as already
mentioned, are very ineffective barriers to the movement of dislocations
in these metals ; only a few dislocations and some rings have been pinned.
One other frequently observed phenomenon is seen in Fig, 13 : the dislocation
lines often separate regions of considerable contrast on the plate. This, as
shown by some calculations of Amelinckx (14), is due to the fact that each
dislocation line forms an elementary polygonization wall and the minute
difference in orientation so produced is sufficient to increase the contrast
as observed,

We now proceed to the next stage of the deformation process,
between 4 and 5% elongation, The heterogeneity from grain to grain drops
markedly, no grain being found now without fresh dislocations in it. In the
grains of higher dislocation density there is a very perceptible tendency
toward grouping ; the nodular tangles of dislocations are seen in Fig.15 and
16. The onset of this grouping is probably to be explained by interaction of the
mobile dislocations with more sessile prismatic loops, At any rate, in many
regions, the grouping seems clearly associated with a higher loop density,
Fig. 17 shows further examples of interaction with precipitate particles, Once
again one is astonished at the ineffectiveness of these particles in producing
pile up ; only a bit of debris and some rings are actually immobilized in this
way, Other interesting interactions are seen at A, B, and C in Fig.17 : at
these points two—s- [ 1117 dislocations have combined to form a segment of a
[ 10071 dislocationi. On annealing these fragments then increase their length
and form hexagonal networks of twist boundaries ; a process favored by
higher temperature (15).

On increasing the deformation to 5. 5% elongation the dislocation

density is found to be still on the increase but at a distinctly lower rate. The
tangles which were forming earlier now transform into long skeins of tangled
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dislocations which rapidly extend until they join up to produce some very
confused cells (Fig. 18), Isolated tangled skeins still persist, however, up
to 7-8% elongation (Fig, 19). At this stage the individual dislocations are
generally stiil resolved,

The contours of the skeins within the crystal grains appear to be
determined by the regions of higher ring or loop density as is particularly
well seen in Fig, 20 where the location of the skeins appears to coincide with
the presence of larger numbers of loops. Nevertheless, despite the growth
of the tangled network of skeins there is a still greater increase in dislocation
density within the grain boundaries, As seen in Fig. 21 the individual
dislocations in these boundaries can no longer be resolved and the whole
boundary begins to take on a spotty appearance, Again, the presence of
precipitate particles does not seem significantly to alter the dislocation
array in their immediate neighborhoods.

As the deformation is still further increased the skeins gather
in more dislocations and form rather well-defined networks (Fig. 22) The
grain boundaries, however, still keep ahead and now form regions of almost
uniform black contrast (Fig, 23). Another significant feature now emerges :
when the developing network of skeins intersects a grain boundary the angle of
intersection is invariably close to 90° ; this angle is characteristic of the
junctions of polygonization walls with high angle grain boundaries (16).

Continuing along the stress-strain curve as the point of rupture

is approached the dislocation walls become much better defined and assume

a striking geometric regularity ; the dislocation density in the contracted walls
has grown to a point where the individuals can no longer be resolved, Fig, 24
and Fig, 25 show this characteristic situation before and after rupture and the
highly regular cells are clearly evident, The growth of dislocation density

in the walls has, of course, largely depleted the remaining crystals and
‘increased the disorientation between adjacent cells, The length of an edge

of the square cells is of the order of 0,5, while the longer dimension of the
rectangular cells may reach 1 4 or even more. It is evident, then, that the
deformation process has led to a decided subdivision of many of the original
crystallites into a much smaller, geometrically regular network of square

and rectangular cells of astonishingly uniform size, This agrees well with
earlier observations of Wood (17), Hirsch (18) and others (19),(20) who found
a similar phenomenon in iron, aluminum and aluminum alloys. Nevertheless,
it must be remarked that this process of subdivision is not completely

uniform throughout the structure. Some of the cells which got started late in
the deformation process never catch up and, at the point of rupture, it is

still possible to find crystallites - such as the one shown in Fig, 26 - which are
still in a rather primitive state so far as building a cell structure is concerned.

Finally, in Fig. 27, an extremely interesting effect is seen,

Particles of precipitate are here throwing out dislocation loops by a
prismatic punching mechanism thereby giving rise to a very characteristic
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pattern, In a sample with a considerable number of precipitate particles this
could be a significant source of the relatively sessile dislocation loops (21).
This may also contribute to dispersion hardening,

Discussion of Results on Samples Deformed Outside the Microscope,

We have seen that the deformation process in niobium is
characterized by an initial rapid increase in the number of mobile dislocations
and, what is especially significant, an even larger increase in the density
of the far less mobile prismatic loops and rings, This stage is followed by a
progressive grouping of the mobile dislocations into nodular tangles, then
into skeins and finally into well-defined and highly regular walls, It appears
that the distribution of these walls is principally determined by the arrangement
of the loops, a process which may be visualized as follows : In the earliest
stages of the deformation the mobile dislocations can cross=-slip very easily
in the b.c.c. structure and hence readily by-pass the loops. However, as the
density of such loops increases the mobile dislocations find it progressively
more difficult to cross-slip over their whole lengths and consequently only a
portion of the dislocation can engage in this sport. The partial slipping produces
jogs which reduce mobility and inaugurates the early beginnings of grouping.
At the same time some climb is to be expected and this, together with the
cross-slip, bring the dislocations out of their original slip plane and produce
the irregular tangles in place of pile-ups. These tangles, as we have seen,
are the forerunners of the well-organized walls to be formed later, but the
progress toward this final state is rendered difficult by the limited climb,
Consequently the rearrangement of the tangles into the regular orientation of
the walls proceeds relatively slowly as compared to the development of the
grain boundaries already present, Still, the fact that when finally formed the
walls make the same angles (near 90°) with the high angle grain boundaries
and that they produce a disorientation somewhat less sharp but of the same
order as that of the polygonization walls forces us to consider even the
initial tangles as incipient polygonization walls.

This view finds additional support in some recent work by
Keh (22), (23) on iron at low and at high temperatures., He observed that at
low temperatures there was little tendency toward grouping of the dislocations
but at higher temperatures a dislocation structure was achieved which was
nearly as regular as the polygonization walls, This strengthens the argument
in our case that the tangled skeins are in fact the first step in polygonization,

Still further confirmation is found in recent observations by
Morgand (24) on Armco and zone refined iron, The tangled dislocation structures
were found to be far more regular in the purer material showing that increased
purity has in some respects the same influence as raising the temperature,
It appears, therefore, that in Morgand'w experiments the refined metal
underwent a more advanced dynamical recovery than the Armco iron ; and
here again we must conclude that the tangled dislocation groups are to be
considered as the primitive ancestors of sub-boundaries but with dislocation
structures still far from their equilibrium positions.
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A further deduction from our studies is the significant rdle
played by the initial grain boundaries in the progress of the deformation
procees, These structures show contradictory behavior in that they not only
nucleate the majority of the mobile dislocations but they also accept and,
consequently, terminate the motion of, considerable numbers of these
dislocations, As we have seen, however, they are at first plastic and
accommodate the majority of the newcomers which reach them into their
structures with considerable ease, In so doing the boundaries extend and
become somewhat ragged, but as the density of accommodated dislocations
increases they become more rigid and this fact seems to have a profound
influence in decreasing the nucleation of new dislocations ; a process which
substantially ceases in the course of the deformation process, This can be
seen in the relative unavailability of new dislocations from this point on.
During the rest of the deformation the walls improve their ordering and
contract considerably but hardly add any new dislocations., In view of the
fact that extensive pile-ups of dislocations behind barriers has not been
observed in our studies and since it is generally accepted that in those metals
showing pile-ups it is the back field stresses produced by these dislocation
pile-ups which rob them of sufficient plasticity further to withstand rupture,
it is reasonable to assume that the process just described is, at least
in niobium, the one which prepares this material for the final debacle, If this
were so, it would give an interpretation of the observed extremely low rate
of work hardening ; a phenomenon which is probably characteristic of the
influence of the extensive dislocation pile-ups ; we shall return to this point,

Observations during Stretching within the Electron Microscope,

We now pass on to the results of experiments performed within
the electron microscope which nicely complement the work described thus far,
Here we can actually follow the movement of the individual dislocation and,
because of the tracks which are fortunately left behind, such movement can
even be seen in the photographs.

The most striking observation in watching the movement of
dislocations in stressed niobium is the fact that they follow extremely
sinuous paths. This is even true at the ve~ - beginning of the deformation
and is illustrated in Fig. 28 and 29 wher< *the moving dislocations appear to
deviate from their slip planes with no appreciable hindrance, In fact straight
paths, in direct contrast to the situation in f, c,c, metals, are very rare
because nearly all dislocations have more or less screw character and
consequently easily change from one slip plane to another, This gives the
overall impression that the dislocations do not remain on any precise slip
plane, However, if the motion be carefully analysed, it will be found that
each segment of the path in fact lies in a (110) slip plane and pursues
precisely a [ 111 V1 direction, No doubt this difference in behavior as compared
to f. c.c, metals is to be explained by the greater number of available active
slip planes making smaller angles with one another, In Fig.29 we also see the
first emergence of dislocation loops which only appear in regions where slip has

already occurred, In Fig,30 we see that the slip seems to be more pronounced
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near the grain boundaries and in Fig, 31 we observe that it becomes more
and more prolific inside the grains as the deformation progresses.

The rdle of grain boundaries in nucleating dislocations is
apparent in Fig. 32 where it is seen that a single boundary can send out
dislocations in both lateral directions, Here again one sees the relatively
high density of dislocation loops in the region which has experienced slip
while outside such regions they are completely absent, This underlines that
even within a crystallite there is considerable heterogeneity from one place to
another in the effects produced. In Fig. 33 we again see the grain boundacies
in the guise of dislocation acceptors and we note once more the absence of
pile-up, Finally, an indication of the markedly different behavior of
different grains is apparent in this figure,

In Figs. 34 and 35 we are able to contrast the relatively
sessile prismatic loops and rings already described with the mobile
dislocations ; whereas the latter have passed completely through the photograph
the former have shown no perceptible movement. There is some reason to
believe that the rings and the distended loops may be formed by separate
mechanisms, In the former case, the small rings are apparently produced
by condensation of vacancies since, when watching the sample being
stressed in the microscope, they seem suddenly to appear with no apparent
preparation for their coming. The rings are found from the very beginning
of the process even in regions where cross-slip has been very limited and
this suggests that the point defects may have been produced by dislocations
of indeterminate axis according to the mechanism of Kuhlmann, Wilsdorf
and Wilsdorf (25). This conviction is strengthened by the frequent appearance
of dislocation lines with sharp cusps - seen clearly at the arrows in Fig. 36
and also in Fig.32 - which must be expected if the Kuhlmann, Wilsdorf
and Wilsdorf mechanism were operative,

For the formation of the elongated loops we have no definite
suggestions beyond the possibility that they may be produced by one or both of
the two mechanisms already proposed : double cross-slip followed by closing
up of the dislocation dipole (26), (27), (28), (29) or by the interaction between
two mixed dislocations on parallel slip planes (30).

The interaction of mobile dislocations with precipitate
particles could be better followed during the studies inside the microscope,
The very minor rdle played by such interaction is clearly apparent in Fig,.36
and also in Fig.37. Here again the effectiveness of cross-slip in enabling
the dislocations to escape entrapment is well revealed. Particularly
instructive in this connection, however, are the next four figures (£ 38-41
inclusive) which show the same field at successive instants., If attention
be fixed on the precipitate particles A, B, C and D in these figures, it will
immediately become apparent that not more than 3 to 6 dislocations pile up
behind each particle and, although a plethora of new dislocations follow the
original ones, by a cross-slip zig-zag movement reminescent of the football
field, they all circumvent the traffic congestion, Nevertheless, a few
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disloations are pinned.

Fig.42 is especially instructive because it shows that large
precipitate arrays can temporarily slow down dislocation movement, Even here,
however, most of the dislocations escape through cross-slip but they are largely
deflected from the penumbra of the particle, It is believed that this photograph
provides strong support for the cross-slip mechanism for avoiding pile-up.

Still another significant observation is shown in Fig, 43
where a Piobert-Liiders or striction band is shown the edge of which is serving as
a source of dislocations - a nucleation possibility already predicted by Johnson
(40) in his theory of the deformation of b, c. c., metals. In Fig.44 the subdivision
of such a Liiders band into blocks reminiscent of those already reported in
aluminum is seen. It is striking here, however, that these dividing walls, in
‘direct contradistinction to the results for aluminum (31), are not effective
dislocation barriers and produce no significant pile-up.

To summarize the conclusions from studies inside the
electron microscope it seems well established that the most important single
feature of the deformation mechanism is the predominant importance of cross-
slip which determines all the remaining characteristic features : absence of
dislocation pile-ups, failure of total dislocations to separate into partials, and the
weak or transitory trapping of dislocations behind precipitate particles. These
facts well explain the extremely low work hardening rate ¥ shown by the stress-
strain curve as well as the extreme ductility of b,c. c, metals (when sufficiently
free of interstitials) which can easily surpass that of f. c.c., metals, A further
deduction from the absence of visible sparation of total dislocations suggests
that the appearance of large stacking faults in such metals is highly improbable
and indicates that those reported in annealed samples (32), (33) are probably due
to a local segregation of impurities - in all likelihood introduced through conta-
mination during annealing. All this is further in accord with Crussard's (36)
view that the Suzuki effect might produce such stacking faults in b, c.c. metals,

Summary and Conclusions,

Some observations on the impact of the results here reported
on the deformation theories which have been advanced to date will now be made.
We started our discussion with Cottrell's attempts to provide through a specific
dislocation model a general theoretical basis for the purely empirical relations
discovered by Petch, In the model chosen for this purpose, dislocation sources
within the grains and large dislocation pile-ups against the grain boundaries
played key rdles, Unfortunately, our electron microscope results do not support
this model. In fact, neither in our work nor in the results of Keh and Morgand
on iron can large dislocation pile-ups be detected at the boundaries. Although the

% It will be seen later that an additional reduction of the work hardening rate
is expected from the dynamical recovery which operates by both cross-slip and
climb, .
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boundaries do, in fact, accept dislocations and accommodate them into their
structure, thus serving as a sort of barrier, they also act as the primary, if
not the only, source of dislocations during the earlier stages of the deformation
and this fact has yet to be introduced into any model used as a basis for a
general theory., Furthermore, we have already seen that the boundaries during a
considerable portion of the deformation are not "rigid" but rather plastic. The
main effect of this fact is a continuous rearrangement in the boundary structure
as new dislocations are absorbed, the gradual development of rigidity during the
deformation process and the progressive drying up of these boundaries as
dislocation sources. Here we see the elements of a theory of '"source hardening"
which increases with plastic strain and which several theoreticians - for
example, N.F., Mott (35) have been seeking. Another point worth stressing is the
fact that the grain boundaries, since they completely surround the grains and
hence cannot be avoided by cross-slip are really the only effective barriem,

but even these, because of their ready and efficient fitting of the acquired
dislocations into their structures, do not cause the pile-ups of the sort
visualized in the Cottrell theory and actually observed only in certain f.c.c.
metals (alloys).

We are thus led to recognize the vital r6le played by grain
boundaries in the deformation process and it is certainly in their ambivalent
behavior as both sources and sinks of dislocations that the extremely high
ductility of pure niobium is to be sought, This indicates that the ductility is
dependent on grain size and further suggests that a new interpretation of the
Petch parameters should be made on the basis of a more realistic model,
since Cottrell formulated his before direct observations of dislocation structure
became possible,

No attempt will be made here to reinterpret the Petch relations
in a quantitative way - in our view such treatment must await more
extensive measurements on other b.c.c. metals over a considerably wider
range of temperatures than the single temperature results reported here.
Furthermore, significantly more detailed studies of the effect of impurities
must be carried out and such studies will at present be rendered extremely
difficult by the uncertainty of the analyses in these pure materials and the ever
present danger of serious contamination of initially carefully refined material
during the necessary heat treatments.

During this discussion the small influence of precipitate
particles - especially the smaller ones - in hindering the motion of dislocations
in niobium has been pointed out several times, It follows from this fact that
precipitates, at least at low concentration, should not greatly affect the
mechanical properties of such metals, Actually, the principal precipitates
in the niobium used here prove to be carbides and we conclude that this metal
should be able to tolerate relatively large quantities of carbon before the
mechanical properties begin to be impaired, It must also be recalled that the
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pPrecipitate particles themselves can, by prismatic punching during the
deformation, nucleate copious quantities of dislocations and this augmented
supply will increase with the concentration of precipitate. It appears reasonable,
on the basis of our studies, to suggest that the lower observable limit of carbide
influence on mechanical behavior of niobium might be of the order of twice the
analysis of the present samples - that is, about 500 p. p.m, On the other hand
oxygen behaves considerably differently, but its quantitative behavior cannot
presently be predicted,

The introduction of the tangled skeins of dislocations and their
development during the deformation process into well-defined cell-walls has
some extremely puzzling aspects particularly with respect to the actual
influence such structures have on mechanical behavior, The presence and
similarity of these arrangements in two b, c.c. metals, niobium and iron, as
well as in f, c.c. metals requires considerable explanation in view of the
considerable difference in mechanical behavior of these two types. The mystery
is deepened by the fact that the jog theory of deformation, based on the density
of dislocations in the tangles proposed by Hirsch (35), (36) for f.c.c. metals,
has been shown by Keh (22) to be applicable also to iron despite the fact that Li
(37) has shown that the Hirsch formula cannot hold for b.c.c. metals for
completely different reasons. To resolve this difficulty, Li has proposed
a new theory applying some ideas concerning the repulsive forces between the
mobile dislocations and those in the skeins first put forth by Friedel (38)
and Saada (39). However, contrary to these authors, Li does not believe
that the mobile dislocations penetrate the array of dislocations in the skeins
but rather that the latter move cooperatively. These conflicting points need
clarifying.

However, it seems inescapable that neither the presence
of the skeins nor their subsequent development into a regular system of cell-
walls achieves any detectable work-hardening. It may be that the very concentra-
tion of the new dislocations into such regular structures, thereby leaving
considerable areas almost free, may serve so to change the average distribution
that the mean free path of a mobile dislocation is actually increased. Such a
mechanism would, therefore, counteract the opposite tendency of the gradually
stiffening grain boundaries in decreasing ductility. Said another way the steady
draining off of the mobile dislocations into the tangled, but rather concentrated
cell-walls may be a measure of the extent of dynamic recovery which the metal
experiences during deformation, This idea needs to be verified by further work
but it does seem to fit all the facts known so far. In particular, the parabolic
aspect of the stress-strain curve of polycrystalline materials could be explained
as the progress of the dynamic recovery in counteracting the stress fields due
to the increasing numbers of new dislocations, The same mechanism might apply
to stage III of the work hardening curves of f,c,c. single crystals - this stage
is produced by the onset of dynamic recovery. Further support is found in the
observation by Keh that at low temperatures, where the yield stress is significarnt
ly higher, there is no tendency of the dislocations to group and by the observation
by Morgand that this grouping, at a given temperature, is greatly favored by
high purity, This induces in the stress-strain curve a steady plastic strain
which thus appears to be a result of both cross-slip and climb since both should
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operate during the dynamical recovery.

Finally, it is known that some extremely pure metals may
begin to recrystallize during deformation at room temperaure, In iron and
niobium there is no question of this because of their high melting points but it
does appear to us that a corresponding réle in holding down the rate of work
hardening might be assumed by the ordering inherent in the dynamical
recovery and this, together with the concomitant effects of cross-slip, could
perfectly well, in our view, explain the near zero work hardening rate
observed in pure niobium,

Part II : Annealing Sub-Structures of Niobium and Preferential Precipitation
on Dislocations.

A, Polygonization in Niobium.,

The most striking feature of the structure evolution in
deformed niobium is the tendency to form stable polygonization boundaries of
tilt, twist and intermediate character. Figs, 45, 46 and 47 show, respectively,
examples of each of these types., Actually, polygonization is seen to be a
very easy process in niobium which implies the possibility of large amounts
of climb and hence of high concentrations of vacancies which do not anneal out
up to the polygonization temperature., The mechanism by which this concentra-
tion is maintained may be shown to be associated with the presence of dislocation
rings formed in large quantities during the room temperature deformation as
may be seen in Fig,49 where the density is of the order of 5 x 1014/cm3. These
rings, which are of 70 to 100 A diameter and hence only resolved at high
magnifications, appear to be formed by condensation of vacancies during the
deformation ; a process already shown (41) to occur in zinc. In that case,
however, the dislocation rings surround stacking faults which is not true
in b.c.c. metals,

If the samples are annealed at 750°C following deformation
the rings are seen (Fig.50) to expand significantly to 300 to 600 A diameter
either by capture of existing free vacancies or by the disappearance of some of
the smaller rings, since their density simultaneously decreases to 0.5 to
2 x 1014/cm2, This evolution of the rings does not appear to be accompanied
by any particular rearrangement of the mobile dislocations.

If the samples are annealed at a higher temperature (~ 900°C)
the dislocation rings disappear completely by contraction while the mobile
dislocations rearrange themselves into polygonization walls (Fig.51). Since
these two phenomena appear simultaneously it is reasonable to assume that
they are connected. Since the contraction of the rings, in turn, doubtless
occurs with reemission of the vacancies, it is further reasonable to assume
that in the course of this contraction the metal receives a flux of vacancies
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which, as a result of the greatly facilitated climb, triggers the polygonization
process, Support for this interpretation is provided by the phenomena observed
at the intermediate teniperature of 825°C ; here in some regions only
polygonization is observed in others only expanded rings, but the two never
occur together.

The high incidence of twist boundaries is an extremely
interesting feature of these structures., According to the geometrical
dislocation model such a boundary should possess a losange- sha.ped pattern
with sides parallel to [211] and [211]. This model, however, is not stable
since at points of intersection the dislocations react according to the
equation

31111 + 3 [411] —— a[100]

to form a [ 100] segment, thereby transforming the losange into a hexagonal
network. Such a reaction may be seen to happen each time a single dislocation
reaches a pure tilt boundary and this produces a zig-zag pattern (see arrows)

in the regular parallel array of dislocation lines in the tilt boundary (Fig.48).

It follows that the interaction of two or more dislocations converts locally a tilt
into a twist boundary (Fig.52) and accounts for the prevalence of twist boundaries
in niobium ; this should be equally true of other b,c.c. metals,

A further interesting observation is concerned with the
interaction of grain boundary junctions during annealing as seen in Fig,53
where a pure tilt boundary interacts with a pure twist boundary. It is clearly
seen that, at the intersection, the dislocation concentration increases and the
mesh size of the resulting network correspondingly decreases., As multiple
junctions are formed this process is repeated and the structure becomes
progressively more complicated (Fig.54) and more fine-meshed until it can
no longer be resolved in the electron microscope. The final result is
boundaries of higher angle of disorientation the structures of which are
deducible from this mechanism of repeated junctions,

B. Precipitation Studies,

It is well known from many optical microscope studies
(42), (43), (44) that the precipitation of a second phase takes place preferentially
along dislocation lines, particularly low angle grain boundaries. This is
shown in Fig.55 in an aluminum alloy (42) and transmission electron
microscopy has generally confirmed this conclusion (45), (46), (47). In Fig.
56 the decoration of a single dislocation in niobium is shown while Fig.57
shows a tilt boundary where each dislocation is individually decorated. In Fig.
58 a new phenomenon of considerable interest is seen ; this is a twist boundary
where only certain dislocations are decorated with precipitate., These are all
parallel and have a Blrgers vector of the 2 [111] type ; the undecorated
dislocations are also parallel but differently oriented having a Biirgers vector
[100]. Figs. 59 and 60 show that at small supersaturations the precipitation
begins, not on the dislocations in boundary networks, but rather at isolated
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dislocations, This shows that these isolated dislocations have a larger field

of attraction than those which are grouved into boundaries or, said anothe»
way, the free energy per dislocation is a fuuction of their separation and this
naturally influences the nucleation rate, It may be concluded that, when the
impurity content is low, precipitation on individual dislocations will be
preferred. Further important conclusions are that the amount of precipitation
seems tou be related to the dislocation density and no precipitation is found in
areas free of dislocations. Proof of these statements may be found in Figs.
61, 62, 63 and 64 the last two of which show samples first annealed at a high
temperature (>1200°C) to dissolve the majority of impurities. On cooling they
show no precipitation. One of these was then deformed 2%, the other 5% at
room temperature and both were annealed 15 hours at 1000°C., The dislocations
of both samples are now decorated but the samples 5% deformed have a higher
dislocation density and, as is readily seen, a greater amount of precipitation,
Since the total impurity content is the same in both samples, it is clear

that the amount of precipitation is determined by the precipitation sites
available,

In another experiment six identical samples were solution-
treated at 1500°C and cooled to room temperature, Thereupon three of the
samples were stretched to rupture and all six were reannealed in the
precipitation range ; i,e. 15 hours ac 1000°C, The undeformed samples
showed neither dislocations nor precipitation (Fig.63) while the ruptured
samples showed copious decoration of the numerous dislocations present
(Fig. 64). It is concluded that, at least at the supersaturation level of these
samples, precipitation occurs only on dislocations. In the case of more
contaminated samples having very high supersaturations there may be some
precipitation between the dislocations (Figs. 65 and 66) but it always
starts preferentially on them,

As the degree of saturation depends on the temperature,
these phenomena should be influenced also by the annealing precipitation
temperature,

In Fig. 67 the penetration of oxygen into a niobium sample
during annealing in a poor vacuum is shown, There is apparently preferential
penetration of oxygen along grain boundaries and, in some cases, along
individual dislocations as shown by the precipitate laid down, The precipitate
particles, which have not actually been identified, are presumed to be oxide,

In some sa 8ples , where the precipitation was carried out in
a better vacuum (2 x10°7 t0 108 mm Hg) or where the samples were protected
by a niobium foil, the precipitate particles have actually been identified after
extraction on a carbon replica. This technique permits identification of the
origin (grain bcundaries or interior of the grains) of the particles, Fig.68
shows precipitate particles from an individual dislocation line which were
found, by electron diffraction, to have the hexagonal structure characteristic
of Nb2N or Nb,C. Fig. 69 shows precipitates extracted from high angle
grain boundaries which have the cubic structure of NbC or NbN, The lattice
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parameters of the carbides and nitrides are so similar that positive
identification is impossible although these are more probably carbides
because of the high carbon content of the samples,

A cuiriosity extracted in these experiments are the rosettes
shown in Fig, 70 where the dislocation line is at the center of the rosette, It is
possible that growth in this form causes a minimum of lattice strain,

The authors are particularly grateful to Dr, R, H, Gillette,
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THE ROLE OF SUB-STRUCTURE IN PHASE TRANSFORMATIONS

R. M. Fisher

Edgar C. Bain Laboratory
For Fundamental Research
United States Steel Corporation

Abstract

Lattice defects, particularly dislocations, play important roles in the
nucleation and propagation of phase transformations and so plastic deformation
prior to or during transformation provides a possible means of controlling the
kinetics and the resulting microstructure. The available experimental evidence
and the present status of our understanding of these effects will be reviewed for
transformations from austenite, formation of sigma phase and the development of

anti-phase domain structures in ordered alloys.

Introduction

Sub-structure can play several different roles in phase transformation or
precipitation processes as it can be involved in both the nucleation and propaga-
tion of the new phase and also may itself be generated by the transformation
process, Because of the ambiguity of the term 'sub-structure', in this report
it will be taken to mean any dislocation array and these various roles will be
discussed and related to some of the previous work on the decomposition of

austenite, ordering transformations and the formation of sigma phase.

Most of the conceivable roles that dislocations might play in phase trans-
formation and precipitation are illustrated schematically in Figure 1. As shown
in Fig. la, the nucleation sites for the formation of a second phase (9 ) may be
at either dislocations (top sketch) or in the case of f,c.c. crystals at stacking
faults. The detailed features of these processes will depend on the crystal
structures of the parent and product phases as well as any lattice expansion or

contraction which may be involved and in many cases nucleation will occur only
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on specific dislocation configurations such as pure screw or edge segments, jogs,

etc.,

In body-centered cubic metals, the precipitation of carbon or nitrogen at
low temperatures is ucually observed to occur along dislocation lines. Figure 2
shows an example of carbon precipitation on a dislocation network in vanadium
and other examples of such precipitation in iron can be found in the review paper

by Keh, Leslie and Speich in this symposium.

Observations of the precipitation of carbide on stacking faults in f.c. c.
stainless steels have been reported by Hatwell and Vota.vaZ and van Aswegen and

Honeyc ombe3.

Possible roles of dislocations in the propagation or growth of a phase
transformation are illustrated in Fig. lb. In the case of diffusionless or mar-
tensitic transformations, the atomic rearrangement occurs by shear processes
and the interface between the parent and product phases consists of an appropriate
dislocation array as indicated at the top of the § region in the figure. The trans-
formaticn in this case proceeds by the movement of the dislocations in the array.
If the transformation occurs by diffusion and results in a volume change, nearby
dislocations can act as sources or sinks to supply or absorb vacancies required
to accommodate such volume changes as illustrated at the bottom interface of the

P phase in the sketch.

The inverse of the processes shown in Fig. la, b can also be expected to
occur, i.e., the generation of dislocation sub-structure during the growth of the
new phase and several different pbuibilities are illustrated in Fig. lc. At the
right of the § phase region is shown the case where the volume change during the
transformation is negative (i. e., shrinkage). Here vacancy loops may be pro-
d\:lced4 which then move away from the particle by a combination of glide and
climb (absorption of vacancies). An example of such vacancy loops observed by
Smallman5 in Al-3.5pctMg alloys is shown in Figure 3, A detailed analysis of
such dislocation loop configurations in these alloys has been carried out by

Embury6 and Nicholson. At the left side, a positive volume change is shown
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which will result in the formation of interstitial loops. These loops may move
away from the particle by glidc as before, but in this case they will shrink by the
absorption of vacancies from the lattice. An example of such loops produced
during the precipitation of chromium carbide in an 80pct Cr- 20pct Fe alloy is

shown in Figure 4,

Interface dislocations as shown schematically at the top of the % region
in Fig. lc may be produced to accommodate the misfit between the two lattices
when coherency is lost. This structure has been observed along the cementite-
ferrite interface in pearlite18 and after cellular precipitation of Ni3Ti in an
a2ustenitic Fe-30 Ni-6 Ti alloy (Speich)7.

Finally as shown at the bottom of the § region in Fig. lc, defect
structures particularly stacking or sequence faults may be generated in the
growing phase itself as illustrated in the figure. These may be formed during
transformation directly or they may result from the presence of sub-structure
i.e,, dislocation arrays in the parent phase. Examples of these effects have

been observed and will be discussed further in other sections.

Formation of Q&ma Phase

The pronounced effect of cold-work in accelerating the rate of formation
of sigma-phase in iron-chromium alloys is very well-known. It was first ob-
served by Cook and Jones8 and has been used extensively since then to hasten
the approach to equilibrium in alloys where sigma phase might be expected to

form.,

The effect of cold work is very large even for transformations within the
single phase field, i.e., where no long range diffusion is required. As an example,
a heavily rolled sample of 46pct Cr-Fe will transform completely to sigma in
several hours at 650°C whereas annealed samples will require several hundred
hours., The results of quantitative measurements of the transformation kinetics
by Pomey and Bé).st:ien9 and Williams and Paxtonlo are summarized in Figure 5.

In both investigations the alloys contained approximately 46 wt.pct Cr; Pomey

and Bastien cold-rolled their materials 90 pct. and determined the extent of
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transformation by quantitative dilatometric measurements, whereas Williams

and Paxton used filings and followed the reaction by magnetic measurements,

These data show that the transformation rate is increased Ly approximately
a factor of 100 although whether it is the nucleation or the growth of sigma that
is affected is not apparent. A dstailed investigation has been initiated on this
subject and some of the preliminary results will be outlined briefly in this report
as well as some other aspects of the role of sub-structure in the transformation

which have been observed.

The effect of cold-work on the growth rate was determined by measuring
the diameter of a number of the largest particles that cculd be found in the sample
following the procedure frequently used in studying the pearlite reaction. The
results of the measurements on specimens deformed varying amounts by cold-
reduction are shown in Figure 6 and it is clear that the growth rate is increased
substantially. The apparent inversion between 85 and 90 pct. is puzzling; possibl.y
it is related to the fact that 90 pct. samples were deformed using a different set
of rolls and under different conditions or it may be a real effect as will be discus-

sed further.

Measurements of the nucleation of sigma phase indicated that cold work
does not have a pronounced influence. The results suggest that a particular
amount of cold work introduced a fixed number of nuclei and that even for 95 pct.
reduction the increase over the annealed specimens is less than a factor of five.
Thin foil observations are in accord with this conclusion. Figure 7 shows a
transmission electron micrograph of a specimen deformed 5 pct. and then aged
for 16 hours at 650°C. Unlike the case of precipitation (Vanadium Figure 2)
shown previously, there is no evidence of transformation beginning at the dis-
locations. Polygonization and recrystallization occurred in specimens more
heavily deformed (90 pct.) and aged 30 min, at 650°C as shown in Figure 8 with

no evidence for sigma nucleation in most regions,

11
Feng and Levesque have reported sigma formation along deformation

twins in rhenium - molybdenum alloys. Deformation twins were produced in
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annealed samples of the 46 pct. alloy used in this study by means of hardness
indentations or punch marks on previously polished surfaces. Twinned areas
were photographed and then after aging in hydrogen at 650°C the identical area
was located and re-examined. An optical micrograph of the specimen after
etching with glyceregia (the recommended etchant for sigma) is shown in Figure 9.
From a preliminary examination of such areas it appeared that as reported, the
twins had transferred to sigma. However, after further aging and using different
metallographic procedures it was found that such twins were not sigma. Oc-
casionally, definite sigma particles could be identified which were associated with
tke twins particularly at intersections. An example of this is shown in Figure 10.
Thin foil studies of deformation structures in these alloys have shown that very
intense localized deformation often occurs at twin intersections as illustrated in
Figure 11, The rate of growth of sigma was also found to be enhanced along

some of t::e twins as shown in Figure 12 causing the particles to have rather ir-
regular shapes. In heavily cold-rolled specimens, the sigma particles maintain

a more spherical shape.

Thin foil observations of partially transformed specimens show that some
recovery and polygonization occurs ahead of the growing sigma phase. Figs.
14a and 14b show examples after 15 min. and 30 min. at 650°C following 90 pct.
cold reduction and it is clear that the subgrains are becoming more perfect as
aging proceeds. The growth measurements indicated that the rate was decreas-
ing during this period. The apparent discrepancy in growth rate between samples
deformed 85 and 90 pct. may be associated with more rapid and pronounced re-

covery in the samples given the greater cold reduction.

It may also be noted in these figures that the sigma particles contain
faults parallel to the growth direction. These have been studied in detail by
Marcinkowski and Miller12 and found to be sequence faults. A large number of
different fault configurations are possible because of the complex crystal structure
of sigma. Marcinkowski and Miller suggest that these faults are generated during
the transformation and this idea was borne out by these observations. Figure 15
shows an example of a fault corresponding to a dislocation subboundary in the ferrite.
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Discussion

These preliminary results indicate that sigma phase is nucleated at regions
of very high dislocation density, possibly when recrystallization begins at these
points, From a study of sigma formation in a series of austenitic stainless steels,
Lena and Curry13 also concluded that there was a correlation between the effect
of cold work on sigma formation and on recrystallization. In annealed specimens
sigma formation begins at certain points along the grain boundaries where specific
orientation relationships exist between the grains so that the sigma nucleus can be
coherent with both grains simultaneously. (These results will be reported in
detail separately.) However, despite this restriction on nucleation and the ap-
parent connection with recrystallization, it must be emphasized that cold work

appears to influence growth far more than it does nucleation.

The origin of the effect of dislocation density on the rate of growth of
sigma phase is not clear. In some respects the growth of sigma particles in the
single phase field where no composition change occurs is similar to recrystalliza-
tion and grain growth. This similarity is suggested by the micrographs in Figure
14 showing the interface between sigma and the ferrite matrix. The difference, of
course, is that the recrystallized 'grain' has a different crystal structure than the

deformed matrix.

The increase in growth rate in heavily deformed specimens (approx. 100X)
is of the same order of magnitude as the effect of cold work on grain growth in
deformed as compared to annealed specimens., An Arrhenius-type plot of the time
for 50 pct. transformation at different temperatures (from the data of Ref. 9 and
10) gives the identical slope of 31,000 calories for both annealed and deformed
specimens, This value is comparable to measured activation energies of re-
crystallization. However, its interpretation as with similar measurements of
recrystallization is complicated by the possibility of recovery occurrring in the
lattice ahead of the growing interface so that the driving force is decreasing with
time. This effect is clearly evident from a comparison of Figs. l14a and 14b, but

might not have been as pronounced in the references cited.
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The stored energy of cold-work recovered when sigma is formed, even in
the most heavily deformed specimens, would not be more than 200 cals/mol. I
this stored energy becomes the dominant driving force for growing sigma phase
then the chemical iree energy involved must be unusually small. Sigma is a
more dense phase than ferrite and the strain energy developed by the volume
change could result in a substantial reduction in the effective driving force. Any
detailed analysis of the sigma transformation will reyuire more experimental in-
form-tion than is now available, but it is apparent that substructure plays im-

portant roles in the formation of sigma phase,

Decomposition of austenite

Sufficient information is not available as yet to indicate the role of sub-
. structure in the decomposition of austenite in any detail, but the results of a
number of investigations suggest that a close relationship does exist. Studies have

14,15 . . . 15,16

been made of the effect of applied stress on the pearlite , bainite , pro-

7 15
' and martensite =~ transformation and in all cases above a

eutectoid ferrite1
threshold stress level, a marked acceleration of the rate of transformation was
obtained., Without going into a detailed discussion of the experimental observations
and their interpretation, it seems quite clear that these transformations can be
nucleated by plastic deformation of austenite. There appears to be little effect

of stress in the propagation or growth rate of the transformations but further

study of this point is desirable.

Dislocation sub-structure is generated during transformations from the
austenite, This is evident as extra-plasticity which occurs during transformation
under stress 15 and in the case of the pearlite reaction, metallographic effects
may also be notedla. Here, even in the absence of an externally applied stress,
sufficient deformation of the austenite occurs to cause appreciable polygonization
ahead of the transformation which results in the formation of small angle sub-
grains within the pearlite colony. It has also been observed18 that the dislocations
in the polygonized boundaries can block the growth of the cementite lamellae but

1
not the ferrite. Finally it appears 8 that sub-structure in the form of closely
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spaced stacking faults is generated in the cementite particles during the pearlite

transformation.

Currently much interest is concentrated on microstructures produced by
extensive plastic deformation during or prior to transformation, i.e., treatments
usually referred to as ausforming or thermomechanical treatment. Our lack of
a full understanding of the relation between dislocation sub-structure and trans-
formation, handicaps attempts to interpret such structures. For example Figure
16 shows a carbon extraction replica of an ausformed sample of an experimental
steel (composition listed below) kindly supplied by Dr. Victor Zackaylg. This
specimen was deformed 90 pct. at a temperature of about 500°C i. e. , in the
temperature range between the C curves for pearlite and bainite formation. From
the micrograph it is clear that carbide precipitation has occurred along the de-
formation bands but it is impossible at the moment to choose between the several
mechanisms that are conceivable, These are:

(1) carbide precipitated from the austenite on dislocations introduced

by the deformation,

(2) the deformation accelerated the bainite reaction,

(3) the deformation raised the Ms temperature so that martensite

formed which immediately tempered.

The first mechanism has been suggested by Grangezo and the latter two are
both consistent with observations on the effect of deformation on the bainitel4' 15

1
and martensite 5 transformation discussed below.

These brief remarks are intended to emphasize that dislocation sub-
structure does appear to have an important role in transformation from the
austenite and that insufficient experiments specifically designed to investigate
these effects have been carried out. Such studies would be very valuable as they
might shed considerable new light on the mechanisms of the transformations and

also lead to more effective thermo-mechanical or ausforming processes,

Composition of ausformed steel

3Cr 1.5Ni 0.75Mn 0.5Mo 1.58i 0.63C
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Formation of Superlattice Domain Structures

Dislocation sub-structure has an important and rather unique role in the
formation of superlattice domains during ordering. The reason for this is that
in many structures, the unit of slip, i.e., the Burgers vector responsible for
anti-phase domain boundaries and an interaction can occur; in AuCu3 for example
these are both 1/2 @y <110> . That is, the extra half plane of atoms which
constitutes the dislocation can eliminate the out of step boundary which otherwise
would be present and terminate the anti-phase boundary at the slip plane. This
effect is illustrated in the schematic drawing by Mau'cinkowskiZl shown in Figure
17. This figure also shows that the movement of individual slip dislocations in
an ordered structure creates new anti-phase boundaries., The energy associated
with this process results in strong coupling between pairs of dislocations which
greatly reduces the stress necessary to drive dislocaiions through an ordered

lattice.

The termination of anti-phase boundaries on dislocations present in the
specimen prior to formation of the domain structure has been observed by
}"ashleyzz and Ma.rcinkt.':wski21 previously. A difficulty that is encountered here
is that the contrast conditions are such that only two-thirds of the boundaries are
revealed23 in any particular micrograph. Thus, most of the apparent terminal
points of boundaries in micrographs are due to this reason rather than a true
termination of the boundary. The point indicated in Figure 18 of a specimen of
AuCn3 slowly cooled from above the critical ordering temperature (approx. 385°C)
corresponds to a point where termination on a dislocation has taken place. The
extended boundaries running across the micrographs were produced by movement
of single dislocations in the thin foil. This deformation occurred during handling
of the thin foil specimen and boundaries of this sort would not normally be formed

in bulk specimens,

If the dislocation density within the specimen prior to ordering is very
high it can markedly influence the size of the anti-phase domains since their size

will be essentially equal to the dislocation spacing. The rate of growth of the
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domains will also be retarded since this will involve dislocation climb processes.
Roessler, Novick and Bever24 have recently studied the annealing of AuCu3 after
cold work using electrical resistivity and X-ray techniques and noted the retarda-

tion of domain growth .is discvssed above.

A similar study of the effect of sub-structure on dormain size is currently
underway in this laborai:ory25 using transmission electron microscopy. It has
been found that domains formed during slow cooling of heavily cold-rolled AuCu3
are only 1/30 to 1/10 to size of these in annealed specimens given the same
cooling treatment. Since the strength of ordered alloys only depends strongly
on domain size if they are very small, means of achieving very small domains

are of considerable interest.

Summary

Dislocation sub-structure can be expected to take several important roles
in phase transformations and these are discussed in connection with the nuclea-
tion and propagation or growth of precipitation or phase change. In the case of
precipitation from solid solution, nucleation or dislocations on stacking faults
has been observed in many systems although detailed analysis has not been

carried out as yet.

Observations of the effect of plastic strain on decomposition of austenite
suggests that dislocations introduced by deformation of the parent austenite can
serve to nucleate the pro-eutectoid ferrite, pearlite and bainite reactions, al-
though a direct connection has been demonstrated. The importance of these

effects in developing ausforming processes is pointed out.

The effect of cold work on accelerating the formation of sigma phase in
approx. 50-atomic percent Fe-Cr alloys is found to be mainly due to increasing
the growth rate. It is suggested that the strain energy stored in the lattice by
cold-work and released by the transformation makes a very large contribution to

the driving force.
The unique relation between dislocations and the domain configuration in
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ordered alloys is discussed and the manner in which dislocation density controls

domain size is pointed out.

The various mechanisms by which sub-structure may be generated by
phase transformation are described. Examples are shown of vacancy or inter-
stitial loops generated by volume ;hanges during precipitation and of growth

faults in the new phase due to defects in the parent lattice.
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Pig. 1. Schematic Illustration of roles of disloca-
tion sub-structure in phase transformation.
a) in nucleation b) in propagation
c) generation of sub-structure by the
transformation.

Fig. 2. Carbide precipitation on dislocation
network in Vanadium.
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Fig. 3. Vacancy loops formed during precjpitation
of Al- 3.5pct.Mg alloy (Smallm: s,

40, 000X

Fig. 4. Interstitial loops formed Auring carbado
precipitation in 80 pet,Cr- Fe at 600 c.
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Fig. 5. Effect of cold work on formation of sigma
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Fig. 6. Effect of cold work on growth rate of
sigma phase.
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Pig. 7. 46 pct. Cr- Fe cold-rollgd 5 pct. and
annealed 16 hours at 650 C.

20, 000X

Fig. 8. 46 pct. Cr ~Fe cold-rolled 90 pct. and
annealed 30 min. at 650°C.
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Pig. 9. ‘'Apparent' sigma formation along deformation
twins in 46 pet. Cr - Fe during annealing

at 650°C.
1000X

Pig.10. Sigma formation at intersection of
deformation twins in 46 pot. Cr - Fe during

annealing at 650 C.
1000X
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Fig. 11. High dislocation density at intersection
of deformation twins in 46 pct. Cr - Pe.
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Fig. 12. Rapid growth of sigma phase along
deformation twins in 4 pct. Cr - Fe
during annealing at 650°C.
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Fig. 13. Interface between sigma nhase and deformed
matrix in 46 pgt. Cr - Fe annealed for
15 min. at 650°C.

20, 000X

Fig. 14. Interface between sigma phase and deformed
matrix in 46 pgt. Or - Fe annealed for
30 min. at 650°C.

20, 000X
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Pig. 15. Growth fault following sub-stgucture
during growth of sigma at 650°C.

20, 000X

Pig. 16. Carbon extraction replica showing carbide

precipitation along deformation band in
ausformed steel 18.

15, 000X
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Discussion at ASD Symposium on ""The Role Of Structure in
The Mechanical Behavior of Metals", (Dec, 5-7, 1962 in Orlando, Florida)

EFFECT OF SUBSTRUCTURE ON FRACTURE OF TUNGSTEN AND
MOLYBDENUM

by B,S., Lement, ManLabs, Inc.

(1,2,3)

Since 1959, a comprehensive investigation of substructure and
mechanical properties of refractory metals sponsored by ASD has been car-
ried out by ManlLabs, Inc, in collaboration with M.I. T. and Rutgers in this
country and with the universities of Liverpool and Cambridge in England, Some
of the results obtained by Rutgers, Liverpool and M,1. T, Lave been presented
during this Symposium, I would like to discuss some of the results obtained by"
ManLabs, which has the objective of elucidating the role of substructure with
respect to the ductile-brittle transition in tungsten and molybdenum,

One of the main questions has been to decide whether primary grain size
or subgrain size plays the more important role in fracture. Based on the
Griffith-Orowan relation, the magnitude of the critical crack length was utilized
as a criterion for answering this question, Calculations of critical crack length
(2c) were made on the assumption that the effective surface energy for crack
propagation (¥') as used in the Griffith-Orowan relation is approximately the
same a8 in the Cottrell-Petch relation, It was also assumed that the fracture
stress based on the Griffith-Orowan relation is equal to (or slightly less than)
the fracture stress ba.sed on the Cottrell-Petch relation, 'I'hxs second assump~
tion is at least partly justified on the basis that no evidence of the occurrence of

microcracks prior to fracture of the materials studied has been found,
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Under these conditions, it is believed that a crack forms when the Cottrell-
Petch relation is satisfied and almost simultaneously attains the critical size re-
quired for propagation in accordance with the Griffith-Orowan relation, Propaga-
tion of this crack should involve the same ' value as for the Cottrell-Petch
relation at least until the first barrier is encountered, Even though the crack
propagation energy (‘yl') associated with crossing such a barrier is presumably
greater than ior moving between barriers, the crack shouid cross the barrier
provided that

Ylt c
71'_<_ 3 (1)
where 2d is the distance between barriers and 2¢ is the critical crack length,
Equation (1) presumably holds since no microcracks were observed prior to
fracture of the materials studied,

Assuming that no necking occurs prior to fracture, the fracture stress
(O'F) is given in terms of the shear modulus (G) and the yield stress parameter
(ky) in the following relations:

2Gy d1/2

Cottrell-Petch: Op = (2)

Griffith-Orowan: O = (1.7 Gy,)l/z -1 /2 3

Rosenfield(4) has reported that the yield parameter ky based on primary

grain size is given by the following approximate relation:

ky-sxlo‘sc (4)

Combining equations (2), (3) and (4) gives

9

%: 1,0 x 10”7 (5)

I
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Assuming that the ratio of sub; ain size (dg) to primary grain size (d) is approxi-
mately constant, the yield stress parameter based on subgrain size (kya) is re-
lated to k_ as follows:
v " K (d 1/2
8 8 .
=
A @

y
The corresponding equation to (5) for the ratio of critical crack length (2¢ s) to
subgrain size (st),which involves the effective surface energy ('ys') based on sub-

boundaries acting as dislocation obstacles, is as follows:

c d
ai =107 (33)(%) (7)
-] S

Knowing the measured values of O'F, d and ds’ the abov =quations enable
calculations of !, 'ys', c¢/d and cs/ds to be made. Such calculations are valid
provided that a O-F value is used that corresponds to a test temperature below the
tensile ductility transition (T4) at which essentially no necking occursﬂ prior to
fracture, For this situation, plastic constraint does not have to be taken into ac=
count, i,e, Cottrell's p-value=1,

For the case of severely drawn tungsten wire (about 75 ppm total interstitial
content) recovery annealed at five temperatures between 20°C and 1400°C, the in=
creases in fiber width (d) and subgrain size (ds) with annealing temperature were
determined by microexamination using both light and electron microscopy. It was
found that d. /d®0.1, From the measured values of GF corresponding to tempera-
tures just below T d? where fracture occurred with relatively little reduction in

area, the following calculations were made:

Calculated on Basis Calculated on Basis

of Primary Grain Size* of Subgrain Size
Y' = 7000 ergs/cm2 7! = 200 ergs/cm2
c/d = 0,2 cs/ds-0.0l

#*Corrected for the effect of preferred orientation, i.e, slip occurs in a direction
that is about 35° with respect to the fiber direction, Therefore, the effective grain
gize is about 1,8 times the fiber width,
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The calculation based on primary grain size indicates that y' is about 7000 ergs/
cmz, which is a more reasonable value than the value of 200 ergs based on sub~
grain size because surface energy measurements give values of 2000~3000 ergs,
Aséuming that the calculations based on primary grain size are more valid than
based on subgrain size, it appears that the critical crack length is approximately
equal to the subgrain size (¢ = 0,2 d and ds & 0,14).

Similar calculations were carried out for molybdenum strip (about 70 ppm
total interstitial content) given about 5, 45 and 90% reduction by rolling _tarting
with the recrystallized condition. In this case a correction was made for the de-
crease in primary grain size, due to the occurrence of appreciable reduction in
area (about 15%) prior to fracture, In addition, the flow stress parameter (kf)

was substituted for ky, and kf was taken as approximately equal to 0,3 ky(z).

Calculated on Basis Calculated on Basis
of Primary Grain Size* of Subgrain Size¥*
v ' = 3000 ergs/cm2 'y; =100 ergs/cmz

c/d = 0,04 cs/ds = 0,04

%
“Corrected for preferred orientation and reduction in area: The correction factor =

1.84d (L’?Aﬁ) where —A;i}- is the fractional reduction in area,

%k *
Corrected for reduction in area only, By measurement, ds was found £ 0, 04d.

The calculated value of ¥! based on primary grain size agrees with accepted
surface energy values (2000 - 3000 ergs/cmz) and is at the low end of the range

(3000 to 12,000 ergs/cmz) previously reported by other investigators
the subgrain value of 100 ergs/cmz appears too low. Again it is found that the
critical crack length based on primary grain size is approximately equal to the sub-

grain size (c #0,04 d and d & 0,04 d).

502



To sunrmarize tha results for the tungsten and molybdenum materials
studied, the primary grain boundaries appear to constitute the main barriers
to crack propag-tion since the calculated values of effective surface energy ob=
tained on this basis are more reasonable than on the basis of subboundary ob-
stacles, ‘On the other hand, the fact that the calculated critical crack size was
found to be approximately equal to the subgrain size suggests that subboundaries
may also influence fracture behavior,

For the moderately worked molybdenum strip (about 45% reduction in area),
the tensile ductility transition temperature (Td) does not appear to change appre-
ciably .n annealing in the recovery range, However, annealing at 1000°C results
ina significa.nt increase in T; of about 30°C. This correlates with the onset of
recrystallization as manifest by the formationof substructure-free regions, These
appear to be considerably larger than the polygonized subgrains representing the
unrecrystallized matrix,ﬁbut definjl:ely smaller than the primary grain size, Since
no appreciable change in either the polygonized subfrain size-or the primary grain
size was found to occur as a result of the 1000°C anneal, the increase in transi-
tion temperature is ascribed to the formation of the recrystallized regions, With-
in these substructure-free regions, larger cracks can presumably form as com-
pared to the polygonized subgrains, Therefore, a decrease in fracture stress and

a corresponding increase in Ty would be expected,
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