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Preface

It has been two years since MRS had a symposium devoted to wide band gap
semiconductors (mostly diamond and SiC). The 1991 MRS Fall Meeting was the first time that
the entire spectrum of wide band gap semiconductors was covered at an MRS meeting. Wide
band gap semiconductors ate under intense study because of their potential applications in
photonic devices in the visible and ultraviolet part of the electromagnetic spectrum, and devices
for high temperature. high frequency and high power electronics. Additionally, due to their
unique mechanical, thermal, optical, chemical, and electronic properties many wide band gap
semiconductors are anticipated to find applications in thermoelectric, electrooptic, piezoelectric
and acoustooptic devices as well as protective coatings, hard coatings and heat sinks.

Material systems covered in this symposium include diamond, Il-VI compounds, III-V
nitrides. silicon carbide, boron compounds. amorphous and microci-ystalline semiconductors,
chalcopyrites. oxides and halides. The various papers add-'ssed recent experimental and
theoretical developments. They covered issues related to crystal growth (bulk and thin films),
structure and microstructure, defects, doping, optoelectronic properties and device applications.
A theoretical session was dedicated to identifying common themes in the heteroepitaxy and the
role of defects in doping, compensation and phase stability of this urique class of materials.
Important experimental milestones included the demonstrations of bright blue injection
luminescence at room temperatures from junctions based on III-V nitrides and a similar rcsult
from multiple quantum wells in a ZnSe double heterojunction at liquid nitrogen temperatures.

Theodore D. Moustakas
Jacques I. Pankove
Yoshihiro Hamakawa

April 1992
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THEORETICAL STUDIES OF DIAMOND SURFACE CHEMISTRY
AND DIAMOND-METAL INTERFACES

* * a

W. E. PICKETT, M. R. PEDERSON, K. A. JACKSON,# AND S. C. ERWIN

* Complex Systems Theory Branch, Code 4692, Naval Research
Laboratory, Washington Dc 20375-5000
# Department of Physics, Central Michigan University, Mt.
Pleasant MI 48859
+ Department of Physics, University of Pennsylvania, Philadelphia
PA 19104

ABSTRACT

Advances in diamond film growth have prompted us to study
the interfaces involved in this process: the interface with the
substrate, and the growth interface with the ambient hydrocarbon
vapor. Carbon chemistry lies at the heart of the properties of
both interfaces, and much of the relevant chemistry is not well
understood. We report here the energies involved in some ideal-
ized chemical processes that may be important in the growth pro-
cess. Results (Schottky barriers, interface energies) for dia-
mond/metal interfaces are also reported, and the especially unus-
ual diamond/nickel results we have recently obtained are discus-
sed in some detail.

INTRODUCTION

In the process of diamond growth (1] as well as in applica-
tions, there are two interfaces of importance. The interface
with the substrate, which strongly influences the nucleation
density and hence the film morphology, ultimately determines the
electrical and thermal properties of an electronic or thermal
management application. The interface with the hydrocarbon vapor
is where the growth takes place, and has been the subject of
considerable attention, both experimental and theoretical. In
this article we address some recent theoretical advances in
understanding a few of the aspects of both of these interfaces.
Of course, actual applications will also be strongly influenced
by the bulk properties of the diamond material; this is a topic
that we do not address in this paper.

The recent advancements in calculations of materials proper-
ties have been highlighted in MRS proceedings (1], which demon-
strate that many properties can be predicted (often from first
principles methods) and great improvements in the understanding
of the microscopic processes have resulted. It is natural, and
important, that these methods be applied to emerging fields of
science and technology, such as diamond and other wide bandgap
insulators (the subject of this symposium) or, for example, the
novel fullerene materials discussed elsewhere at this conference.
In this paper we address diamond properties, which involves an
understanding of the chemistry of carbon at the most basic level.

Mat. Res. Soc. Syrnp. Proc. Vol. 242. 199, Materials Research Society
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Basic Principles and concepts

Since the recent surge in growth of diamond films, much pro-
gress has been made, but the growth of near-perfect diamond mono-
liths that will be necessary for many optoelectronic applications
is still somewhere in the future. In light of the commonplace
fabrication and application of silicon chips for two decades, the
question arises: in what way(s) is diamond so different from
silicon (or germanium, for that matter)? There must be important
differences; after all, life is based on hydrocarbons and not on
hydrosilicons, in spite of the abundance of available silicon!

In many ways C is similar to Si. Carbon is isovalent with
silicon, it forms the same semiconducting tetrahedrally bonded
crystal structure, and their bulk electronic band structures are
isomorphic, with both materials possessing indirect bandgaps with
the conduction band minimum about 75% of the way along the <100>
direction to the Brillouin zone (BZ) boundary. In fact, the band
structure of diamond is virtually that of silicon stretched by a
factor of two: the valence bandwidth is -24 eV compared to sili-
con's 12 eV, and the direct bandgap throughout the BZ is approxi-
mately twice the 3.5-5 eV Si value [2]. Because the electronic
gap is indirect rather than dicect, the factor-of-two difference
in direct gaps translates into a factor of five difference, 5.5
eV vs. 1.17 eV, in electronic gap and therefore a considerable
difference in their electronic properties.

Many of the ways in which diamond differs from silicon are
directly related to the reasons it is pursued for technological
purposes: it is much harder and more resilient at high
temperatures, it is transparent to higher frequencies, its
thermal conductivity is much higher, its atomic density is the
highest of any common solid. These differences derive at the
most basic level from two differences between the C and Si atoms:
their sizes, and the characteristics of their s and p valence
states. The valence wavefunctions peak in C around two-thirds of
the radius of the corresponding peaks in Si; this accounts for
the lattice constant of diamond being only 2/3 that of Si (and an
atomic density nearly 3.5 times greater).

In addition to the size difference, the s and p valence
states bear a different relationship in the two atoms: in C there
are no core p states for the valence p state to be orthogonal to,
and as a result the p wavefunction shares more strongly the same
region of space with the s wavefunction compared to the case in
Si, where the p wavefunction peaks noticeably beyond the s wave-
function. In addition, Papaconstantopoulos' tight-binding fits
(3] to diamond and Si indicate that the s and p on-site energies
are relatively closer in energy (after being scaled down by the
factor of two) in diamond than in SiI These two differences
would seem to make for a more ideal sp hybrid bond in diamond;
whether or not this is the fundamental reason, the diamond bond
strength is considerably greater than in Si.

The diamond covalent bond strength, and its large atomic
density, and small atomic mass all contribute to its properties,
and particularly to its nucleation and growth. Their interrela-
tionships are undoubtedly complicated and certainly are not well
understood at present. Perhaps keeping some of these basic pro-
perties in mind can help us in understanding the interface behav-
ior of diamond as it is steadily revealed by experiment and by
calculation.
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Numerical Electronic Structure studies

Below we provide some results and analysis of density func-
tional calculations carried out in the local (spin) density ap-
proximation (LDA). This highly successful calculational method
has been reviewed in detail elsewhere [4], and our specific
methods of calculation [5-7] have also been described previously.
We only note that all calculations have been carried out with
full potential (no shape approximations) self-consistent methods,
since this factor is very important in dealing with the low sym-
metry situations encountered at surfaces and interfaces. The
results for chemical processes at the diamond "surface" have in
fact been obtained using carbon clusters (8] in which dangling
bonds at the cluster edges are capped off by hydrogen atoms.
This procedure removes the dangling bond states from the gap re-
gions and restores the carbon atoms to a more-or-less bulk dia-
mond environment. An example of such a cluster is shown in
Fig.l. The results for the diamond-metal interfaces are obtained
with the superlattice geometry (4], as is almost always the case
in such theoretical studies.

HYDROCARBON PROCESSES AT THE DIAMOND SURFACE

Rather little is known at present about the microscopic pro-
cesses governing diamond nucleation and growth, but models have
been suggested that provide at least straw men to be confronted.
Tsuda et al. [9] laid out a mechanism that relies primarily on
the addition of methyl radicals to the (111) surface, and assumes
that the methyl-terminated surface is energetically stable.
Frenklach and Spear [10] have suggested a model that depends on
the addition of acetylene molecules to the diamond surface.
Harris [11] has introduced a model based on methyl radical ad-
sorption on the (110) surface. Yarbrough [12] has provided en-
lightening discussions of these models and of the additional fac-
tors that arise in the growth process. In light of the difficul-
ty in observing chemical processes at the diamond surface (espec-
ially in the presence of a plasma) these models require theoret-
ical studies of elementary chemical reactions at the diamond sur-
face to ascertain whether they are viable possibilities. We have
obtained results for a number of these situations, some of which
we review here.

Adsorption of methyl species

Adsorption of a methyl radical CH 3 onto a dangling bond on
the diamond (111) surface results in a calculated bond length of
2.92 a.u., within 1% of the (calculated and experimental) C-C
spacing in diamond, and a binding energy of 4.5 eV. Evidently
this is a perfectly placed, tetrahedrally bonded C atom ideally
suited to continuing the diamond surface. However, the umbrella-
like structure of three H atoms comes into play as more methyl
radicals are considered.

When we allow a second methyl radical to bond to a dangling
bond next to the first adsorption site, steric repulsion between
the neighboring H umbrellas occurs. We calculate the difference
in energy between two isolated adsorbed methyls and two neighbor-
ing methyls (substantially relaxed but not completely so) to be
0.7 eV; this is (an upper limit to) the energy of steric repul-
sion. Compared to the (calculated) C-C bond energy of 4.5 eV,
this is a rather small price to pay, if it is one of few process-
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Figure 1. An example of a cluster used to study the adsorption of
a methyl radical (above) on a diamond (111) surface. Large balls
denote carbon atoms; small balls indicate hydrogen. For clarity,
many bond-capping hydrogens at the edges and bottom of the clus-
ter have not been shown.

es available. Therefore we expect neighboring adsorbea metnyis
on the (111) surface to be an energetically allowed configura-
tion.

We next considered the situation of three adjacent methyl
groups. Allowing the nine H atoms of the three umbrella to relax
(within the constraint of C3, symmetry) leads to a steric repul-
sion of 3.65 eV (again an upper bound), primarily due to a tri-
angle of three H atoms spaced at a distance of 2.6 a.u. For such
a configuration, it would require only about 1 eV to break a C-C
bond and liberate a methyl radical from the surface, or converse-
ly, only 1 eV would be gained by adsorbing the third methyl group
in the presence of the other two and a neighboring dangling bond.
Since H abstraction reactions {CH4 + H -- > CH3 + H2} are believed
to involve 0.5-0.7 eV [13] and occur often, islands of three
methyl groups should disappear quickly if they form. Even worse
(for this model of diamond growth), reactions in which H would
replace one of the three methyl groups would be exothermic.
These considerations lead us to expect that triplets of methyl
groups on the diamond surface will not be a likely enough occur-
rence to lead to, or even allow, diamond growth.

Acetvlinic species at the diamond surface

It requires considerably more energy (1.3 eV by our calcul-
ations, 0.9 eV is the experimental value) to break a C-H bond in
acetylene than in methane, assuming H2 to be the result in both
cases. This result suggests, in agreement with experimental
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population analyses, that the concentration of acetylinic radi-
cals in the vapor is considerably less than that of methyl radi-
cals. However, since diamond growth is a difficult process to
nucleato and is often slow, allowing the possibility that low
concentration species may be important, we have investigated some
acetylinic chemical processes.

For an acetylene radical bonded to a dangling bond on the
(111) surface, the bond length is calculated to be 2.76 a.u., 5%
smaller than the bond length in diamond. Apart from the "double
bond" character suggested by the bond length, this process leads
to an extra C atom that, although not precisely in place to rep-
licate a diamond lattice, is bonded to one C atom and is avail-
able for further chemical processes.

Frenklach and Spear [10] have argued the importance of the
acetylene molecule, which is expected to react strongly with a
dangling bond. In fact, their mechanism invokes the binding in
such a situation, which is not an foregone conclusion. It is not
easy to simulate this interaction in full generality, but we have
studied two related reactions. First we allowed the interaction
of an acetylene molecule with a dangling bond (simulated in this
case by a methyl radical). If the acetylene is constrained to be
rigid, the reaction is repulsive, but if the intra-acetylene C-C
length is allowed to adjust binding will occur, but it is very
weak.

Secondly, we were able, using newly developed numerical al-
gorithms that calculate the forces on atoms, to allow the three
C atoms and the two acetylene H atoms to relax as the chemical
interaction proceeded. Substantial relaxation occurred; one
acetylene C bonded to the dangling bond carbon atom (at a dis-
tance 2.87 a.u. very close to bulk diamond), and the acetylene
assumed a vinyl-like bent configuration with a chemically active
site on the other acetylinic C. The binding energy was calcula-
ted to be 1.9 eV. Geometrically, the resulting configuration ap-
pears to be favorable for further processes that could extend a
diamond lattice.

Improved energies with generalized-gradient LDA.

Although we have not emphasized it above, LDA-based calcu-
lations tend to overestimate molecular binding energies by rough-
ly 10% to perhaps 20%. For many purposes, such as the idealized
studies described above, this overbinding is not disastrous. As
studies get more realistic however, this inaccuracy could be a
problem and even a limitation of the method.

Fortunately, a microscopically based extension using not
only the value of the density n(r) to obtain the exchange-correl-
ation potential vxc(r) but the gradient dn(r)/dr as well, has been
introduced by Langreth and Mehl (14], extended by Perdew and Wang
[15], and recently perfected by Perdew (16]. The result has been
shown, by the extensive collaboration of Perdew et al. (17], to
give a very considerable improvement in the predicted energies of
atoms, molecules, surfaces, and solids. These references should
be consulted for further information about the methods and gener-
al results.

For the present purposes, the important implications arise
from the calculations by Pederson and Jackson on small hydrocar-
bon molecules that are reported in (17]. The results, shown in
Table I, demonstrate that energies of hydrocarbon molecules are
vastly improved, by a factor of six, by the gradient corrections,



TABLE I

Comparison of the calculated atomization energies (in eV) of five
hydrocarbon molecules, in Hartree-Fock (HF), local spin density
(LSD), and generalized gradient (GG) local spin density
calculations, compared with the experimental (EXP) values (with
zero-point vibrational energy removed). Also shown is the RMS
error per bond for the seven molecules, which is improved with GG
by a factor of six over the LSD result. The density functional
calculations were performed using a basis of 18s, 9p, and 4d
even-tempered Gaussians on each atom (65 basis functions per
atom). The experimental numbers are from Clementi and
Chakravarty (reference given below).

Molecule I of bonds HF LSD GG EXP

H2  1 3.63 4.89 4.55 4.75
C2 (AFM) 1 0.73 7.51 6.55 6.36
C2H2  3 13.00 20.02 18.09 17.69
CH4 4 14.39 20.09 18.33 18.40
C2H4  5 18.71 27.51 24.92 24.65
C2H6  7 24.16 34.48 31.24 31.22
C6H6  12 45.19 68.42 61.34 59.67

RMS error / bond 2.40 0.67 0.10

Experimental reference:
E. Clementi and S. J. Chakravarty, J. Chem. Phys. 93, 2591

(1990).

TABLE II

Table I1. Theoretical interface energies, defined as the energy
for the interfacial system minus the bulk energies for the cor-
responding number of C and Ni atoms, for both (111) and (100)
interfaces and both "atop" and "in-hollow" geometries. The pre-
dicted Schottky barrier heights (SBH) are also given.

Interface and geometry Interface energy (eV) SBH (eV)

(111) in-hollow 1.06 0.84
(111) atop 0.97 0.0
(100) in-hollow 1.92 0.92
(100) atop 1.03 0.0
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and that the energies are approaching chemical accuracy, witn RMs
errors of 0.1 eV per bond. Although the gradient corrected func-
tional has not yet been applied to chemical processes at the dia-
mond surface because of it novelty, its application can be done
readily in any future calculations. It appears that very accur-
ate energies for such interactions can now be obtained.

THE DIAMOND-NICKEL INTERFACE

An important application of diamond films could be as Schot-
tky barriers in electronic components that are more stable in
high power, high temperature applications than are currently
available Schottky systems. Even for applications of diamond
films as wear-resistant coatings or thermal diffusers, a know-
ledge of the diamond-metal interface properties is important. As
a first step in understanding diamond-metal interfaces, we have
carried out detailed studies [5,7,18,19] of the diamond-nickel
interface.

Nickel was chosen [5] for a combination of reasons: (1) its
lattice constant is within 1.5% of that of diamond, making the
lattice-matched case that we can treat a realistic model; (2) it
is not a carbide former, so the abrupt interface idealization
that we study is a reasonable candidate for fabrication; (3) the
Fermi level within the d-bands, and the magnetism, make Ni a
potentially much richer material for unusual applications than,
for example, the non-magnetic, sp-band metal Cu, which also sat-
isfies the previous two qualities. In addition, we have been
encouraged by experimental attempts to grow diamond epitaxially
on Ni (20-22]. Because the exchange splitting in Ni is an order
of magnitude smaller than the band gap of diamond we have ne-
glected it in our calculations up to this time.

We have completed thorough self-consistent calculations for
abrupt (100) and (111) interfaces. Growth of diamond films on
nickel up to the present time probably have not resulted in
abrupt interface (21] (perhaps there is nct yet any abrupt inter-
face involving diamond), but high quality polycrystalline diamond
films have been grown [20]. However, there seems to be no reason
why Ni or other metals could not be deposited on clean diamond
surfaces to produce abrupt interfaces. For both (100) and (111)
interfaces, we have treated two possibilities for C-Ni bonding
configurations at the interface: one in which the C atom at the
interface is kept four-fold coordinated, emphasizing covalent
tetrahedral bonding, and one in which the C atom is more highly
coordinated, more consistent with a metallic type of bonding. We
refer to these as "atop" and "in-hollow" geometrical configura-
tions, respectively. In all cases the energy has been minimized
with respect to the most important structural parameter, the dis-
tance between the C and Ni layers at the interface.

Interface energies and stability

Our results can be stated succinctly: for both (100) and
(111) interfaces the "atop" geometry, in which covalent tetra-
hedral configurations are emphasized, is energetically more sta-
ble than the metallic "in-hollow" geometry. This strongly sug-
gests that satisfying the C atom's dangling-bond states at the
interface is an important consideration. At the onset this re-
sult was not at all obvious. Certainly it should be important to
attend to the dangling bond states if possible, but it is not
clear that Ni can do so in any case: these dangling bonds are the
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result of a strong covalent mixture of the C s and p states which
in bulk diamond are spread over an occupied valence band region
24 eV wide, while Ni has primarily d states (with some s admix-
ture) spread only over 4 eV below the Fermi level EF. Therefore
it could be the case that the dangling bonds cannot be accommo-
dated regardless of how the adjacent Ni layer is positioned.
Whatever the reasons, and they are difficult to determine unique-
ly, the tetrahedrally coordinated C atom at the interface is
found to be preferred. The interfaces energies for both inter-
faces and for both geometries are given in Table II.

Schottky barrier heights

Our predicted Schottky barrier heights for all four cases
are also presented in Table II. The Schottky barrier discussed
here is the separation of the Ni Fermi level and the diamond va-
lence band maximum, which is the intrinsic barrier to conduction
in p-type diamond. The interfaces are ohmic (barrier height of
less than 0.1 eV) for both cases in which tetrahedral coordina-
tion of the C atom at the interface is enforced. The Schottky
barrier heights are -0.9 eV for the more metallically coordinated
interfaces.

These results are quite unusual in two ways. First, the
prediction of an intrinsic ohmic barrier is unexpected, since in
the considerable variety of local density calculations of Schot-
tky barrier heights for Si, Ge, GaAs, and a few other semicon-
ductors the barrier height is always (to our knowledge) a signif-
icant fraction of the band gap of the semiconductor. The com-
plete vanishing of the barrier height indicates that diamond is
displaying novel barrier formation behavior not found previously
in studies on abrupt interfaces.

Secondly, the difference in barrier heights of nearly 1 eV
between the high and low coordination geometries is also unanti-
cipated. Although the number of Schottky systems in which the
geometry has been varied is relatively few, again we are unaware
of such a considerable dependence on the character of the bonding
across the interface. Together with the vanishing of the Schott-
ky barrier for the tetrahedral coordination, this result suggests
novel bonding behavior is occurring at the diamond-nickel inter-
face. We have also obtained similar results for Cu and for Al
instead of Ni (in less extensive calculation-), so the peculiar-
ity seems to be associated with the diamond itself.

To address the basis of this behavior we have studied the
interface band structure in some detail, as well as that of an
ideal (i.e. unrelaxed and unrecons' -ucted) (111) diamond surface.
For the surface the dangling bonds give rise to a partially occu-
pied surface band that fixed the Fermi level 1 eV above the va-
lence band maximum. The corresponding interface bands, presented
and discussed at more length in Ref. [19], strongly mix with Ni
3d states near the Fermi level, producing a pair of interface
bands that are near or in the gap.

The upper band is unoccupied and does not influence the
results. The lower band is partially occupied, however, and is
energetically lower for the tetrahedral geometry than for the in-
hollow geometry, much as a bonding combination would be. ihis
lowering of the active interface band results in the lowering of
the Schottky barrier height and likely is a strong influence in
the energetic stabilization of the tetrahedrally coordinated
interface.



The electronic structure of these novel diamond-metal inter-
faces has been [18], or will be [19], discussed elsewhere. How-
ever, this short discussion should make clear that the diamond
Schottky barrier is presenting us with an exciting scientific
questions as well as posing an important technological problem.
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GROWTH TECHNIQUE FOR LARGE AREA
MOSAIC DIAMOND FILMSt

R. W. Pryor,* M. W. Geis,** and H. R. Clark-
* Institute for Manufacturing Research, Wayne State University, Detroit, MI 48201

Lincoln Laboratory, Massachusetts Institute of Technology, Lexington, MA 02173

ABSTRACT

A new technique has been developed to grow semiconductor grade diamond
substrates with dimensions comparable to those of currently available Si wafers.
Previously, the synthetic single crystal diamond that could be grown measured only a
few millimeters across, compared with single crystal Si substrates which typically are
10 to 15 cm in diameter. In the technique described, an array of features is first
etched in a Si substrate. The shape of the features matches that of inexpensive,
synthetic faceted diamond seeds. A diamond mosaic is then formed by allowing the
diamond seeds to settle out of a slurry onto the substrate, where they become fixed
and oriented in the etched features. For the experiments reported, the mosaic
consists of seeds - 100 lim across on 100 gIm centers. A mosaic film is obtained by
chemical vapor deposition of homoepitaxial diamond until the individual seeds grow
together. Although these films contain low angle (<10) grain boundaries, smooth,
continuous diamond films have been obtained with electronic properties substantially
better than those of polycrystalline diamond films and equivalent to those of
homoepitaxial single crystal diamond films. The influence of growth conditions and
seeding procedures on the crystallographic and electronic properties of these mosaic
diamond films is discussed.

INTRODUCTION

The ability to fabricate diamond has been the elusive goal of scientific
researchers and their alchemist predecessors for over 2000 years [1]. Numerous
different techniques have been tried, with little success [2]. Only within the last
50 years, with the discovery of various high pressure techniques [3,4], has it at last
been possible to reproducibly fabricate single crystal diamond materials. The
materials that result from these processes can be of excellent quality, in some cases
better than natural diamonds (5]. The synthetic diamonds are quite small, however,
usually much less than 1 cm in their largest dimension and typically in the range of a
few micrometers to less than a millimeter, Such diamonds are generally fabricated
for use as abrasives in industrial materials processing applications.

t This work was sponsored by the Michigan Research Excellence Fund through the
Institute for Manufacturing Research at Wayne State University and by SDIO/OST
through the Office of Naval Research.

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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During the last half century, researchers have also sought to fabricate diamond
materials using low pressure processes [6,7], and some limited success has been
realized. Research during the last 10 to 15 years has resulted in the ability to
fabricate small area polycrystalline diamond films and subsequently the capability of
making large area polycrystalline thin films by several different methods [8]. Even
though these polycrystalline thin film diamond materials have been achieved only
recently, they are no longer just laboratory curiosities. Such films have become
interesting and valuable materials in the early stages of a broad applications
development phase.

To be able to use the properties of diamond to the maximum extent, methods
need to be developed to facilitate the growth of large area, single crystal diamond
sheets. Such sheets would allow utilization of the high thermal conductivity, great
mechanical strength, and unique electronic properties of diamond. The work
reported here, which addresses only a small aspect of diamond properties, is one
such attempt. It is the result of a focused research effort in diamond materials
development directed toward microelectronics applications. The work emphasizes
the development of semiconductor grade diamond for application in the new area of
high speed, high power diamond microelectronics. The materials being developed
will also have spin-off applications in the area of thermal management of
conventional semiconductor device materials, such as Si and GaAs, and in
mechanical applications areas. Indeed, the new large area mosaic diamond
materials discussed here are near single crystal quality and will be potentially usable
in many new applications areas.

SUBSTRATE PREPARATION

Mosaic diamond films are made from small, inexpensive (about $1 per carat)
diamond abrasive crystals fixed on a patterned Si substrate. The first major step in
the preparation of the substrate is to photolithographically pattern an etch mask onto
the (100) surface of a Si wafer. To do this, the outer surface of the Si wafer is
thermally oxidized to a depth of 100 nm. A layer of photoresist is then applied to the
oxidized, polished side and exposed to form an array of squares (Fig. 1). In this case,
the squares are initially sized so that the final etched pits are 90 Aim square on
100 jum centers. It is important to size the apertures in the photoresist to allow for the
undercut of the Si0 2 mask during etching. The Si0 2 mask layer is then patterned
through the resist (Fig. 2) using an appropriate etchant, such as HF or BHF.

The Si wafer is selectively etched through the oxide mask on the Si (100)
surface by immersing the wafer in a solution of either 10% (CH3)4NOH or 25% KOH
(by weight) in water at 90 OC [9] (Fig. 3). Over a period of several hours, tetrahedral
pits are formed in the volume of the Si wafer. The wafer is then removed from the
selective etching solution, and the SiO 2 mask layer is stripped off with an HF solution.

At this point, a decision needs to be made whether or not to add a diamond
nucleation inhibition layer to the Si wafer surface. Such a layer must be considered
because of the differential nucleation and growth of diamond during the growth
phase. If the conditions in the reactor and at the surface of the mosaic wafer are
appropriate, diamond growth will occur on both the mosaic of seeds and on the
patterned wafer between the seeds. On the seeds, the growth is homoepitaxial as is
desired. On the wafer, however, the growth is polycrystalline and can obstruct the
formation of clean, low angle grain boundaries as the seeds expand to closure.

The rate at which the polycrystalline diamond phase nucleates on the patterned
Si wafer surface is highly dependent on the nature of the surface, the specific
preparatory steps used prior to the diamond growth, and the initial and sustained
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conditions experienced by the mosaic substrate in the growth reactor. Here, we
describe two fundamentally different, but complementary, technologies [10,11] for the
growth of mosaic diamond materials. The technology developed at MIT Lincoln
Laboratory uses a hot filament chemical vapor deposition (HFCVD) system [12]. The
technology developed in the Institute for Manufacturing Research at Wayne State
University, based on a microwave approach, uses a microwave plasma enhanced
chemical vapor deposition (MPECVD) system. The details of the MPECVD system
are discussed elsewhere [13].

In the HFCVD system, at least one set of conditions exists where the
homoepitaxial diamond growth on the seeds is faster than the growth of the
polycrystalline diamond on the patterned Si wafer. This results in the homoepitaxial
diamond material on the seeds overgrowing the polycrystalline diamond on the wafer
and eventually forming a continuous, near single crystal diamond film.

In the MPECVD system, a different approach has been adopted. With the
prevailing growth conditions in the MPECVD reactor, the homoepitaxial diamond
forns on the seeds at a rate comparable to that of the polycrystalline diamond on the
wafer between the seeds. If the polycrystalline diamond is allowed to nucleate and
grow freely, the homoepitaxial diamond formation on the seeds is limited in extent by
the polycrystalline diamond formation on the water. The solution to this problem was
found in some earlier selective nucleation studies [14]. In these studies, oxidation
and plasma cleaning of the Si wafer surface before the diamond deposition were
found to significantly reduce the number of spurious polycrystalline diamond nuclei
that form on the Si surface. The nucleation suppression is accomplished by the
application of a 100 nm layer of thermal oxide to the unseeded substrate after the
formation of the etched tetrahedral pits (Fig. 4) and prior to seeding.

The diamond seeds used in this process are small abrasive grains that are
readily available [15] for industrial materials processing applications. At this time the
role of diamond seed quality is still being determined, and will probably need to be a
major consideration in the future for the formation of thick diamond materials for
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thermal or optical applications. For current microelectronics applications research,
where the initial growth to planarity forms a diamond substrate and the active layers
(a few micrometers thick) are deposited on top of that growth, it is not a major factor.

For the present research, the diamond seeds are sorted by size and shape,
selecting those that are - 100 gm on an edge and as close to octahedral (truncated
octahedra) as possible. The seeds are cleaned in hot (350 to 400 OC) NaNO3 for
10 min, immersed in a concentrated solution of HF and HNO 3 for another 10 min,
and then rinsed in deionized water and acetone and dried. The seeds are then
suspended in a slurry using hot H2SO4 , concentrated HF, or an organic solvent and
0.01% novolac polymer. The polymer acts as a glue to fix the well-faceted seeds in
the pits. (For additional details on this process, see reference 9.)

A batch of slurry can be reused. After a few seeding runs, however, the grains
should be recleaned and a new slurry made. Residual seeds from a slurry should be
reexamined for shape, since the best formed octahedra tend to be selected out in the
seeding process and only the less well shaped seeds remain. After the seeding and
before the new diamond growth, the wafer is baked at 350 °C and then cleaned either
in an oxygen plasma at 15 mTorr or by reactive ion etching for a few minutes. Figure
5 shows a schematic drawing of an oxidized seeded substrate. Figure 6 shows a
scanning electron micrograph (SEM) of an oxidized seeded substrate, in which both
empty and seeded tetrahedral pits can be seen.

SEED ALIGNMENT

The successful fabrication of near single crystal quality diamond materials
using the large area mosaic diamond technique depends initially on three factors:
the shape of the seeds and the accuracy of the rotational and the axial (vertical) seed
orientation after placement. For well-faceted seeds, the rotational alignment error
between the (311) plane of the etched Si substrate and the (311) planes of the
diamond seeds, as determined by x-ray diffraction measurements, is typically on the
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order of 10 or less (Fig. 7). The axial orientation alignment error for the diamond
seeds has also been determined by x-ray diffraction studies and found to be typically
on the order of 0.50 or less (Fig. 8).

MPECVD GROWTH

The large area diamond seeded mosaic substrates used in this work were
prepared by the above described technique at Lincoln Laboratory with the
collaboration of Wayne State University. The homoepitaxial diamond growth on the
substrates was performed at Wayne State University using MPECVD. For successful
large area, near single crystal diamond sheet growth, modifications needed to be
made to the as received MPECVD equipment [11], and new process parameters and
techniques needed to be developed. The initial MPECVD diamond reactor (16] is
shown schematically in Fig. 9. This system was modified by the Wayne State
University diamond laboratory to enhance the initial polycrystalline diamond
deposition capability. A modification was made to allow the system to utilize multiple
gases (e.g., H2 , CH 4 , 02, and CO) simultaneously. In addition, the susceptor
assembly was remodeled to improve deposition uniformity and reproducibility by
incorporating a biasable refractory metal susceptor shield (Fig. 10). The shield
shrouds the susceptor and prevents erosion of the susceptor material by reactive
gases in the chamber. It also ensures that the composition of the desired reactive
gases is not altered by gaseous erosion products generated by the susceptor. A
major potential source of reactive gas contamination, undesirable trace materials in
the susceptor, is thus eliminated.

The seeded substrates are inserted into the reactor substantially as received
from Lincoln Laboratory. The reactor is pumped down, and the substrate temperature
is raised to 900 °C, where it is held for the duration of the process. After pump-down
of the reactor chamber, a substrate is prepared for diamond growth. This preparation
starts with a 30 min, 900 sccm H2 plasma etch, at a pressure of 25 Torr and a power
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level of 1 kW. The H2 etch is used to clean off any residual contamination on the
substrate, and it has been observed to significantly reduce the number of nucleation
sites available for the formation of polycrystalline diamond. Next, the seeded
substrate receives a 25 min, 400 W plasma substrate passivation treatment in a gas
mix comprising 25 sccm 02, 50 sccm H2 , and 2000 sccm Ar, at a pressure of 25 Torr.
This passivation treatment reoxidizes the Si surface and cleans any residual
contamination off the diamond seeds.
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Once the sample has been prepared in the reactor, the next step in the growth
of a large area mosaic diamond sheet is to alter the reactor gas mix to yield new
homoepitaxial diamond growth (111) on the octahedral diamond seeds. In early
experimentation, both at Lincoln Laboratory and Wayne State University, it was found
that the best mix for growth of polycrystalline diamond also grew polycrystalline
diamond all over the seeded substrates. The best polycrystalline diamond grown at
Wayne State University in the MPECVD system was on a diamond-bombarded Si
substrate at 900 0C with a gas mix of 990 sccm H2 and 10 sccm CH4 , at a pressure of
45 Torr and a power of 1.5 kW. In order to grow homoepitaxial diamond without the
polycrystalline diamond, however, the gas mix had to be changed significantly. The
best large area mosaic diamond grown thus far was with 900 sccm H2,12 sccm CH4 ,
and 4.5 sccm 02, at a pressure of 50 Torr and a power of 1.5 kW. In addition, it has
been found necessary to periodically refresh the diamond nucleation inhibition layer
by using a 15 min, 400 W plasma substrate passivation treatment in a gas mix
comprising 25 sccm 02, 50 sccm H2 , and 2000 sccm Ar, at a pressure of 25 Torr.
Currently, this is done about once every 8 h, which is adequate but not necessarily
optimal. Deviation from these nominal values significantly alters the character and
morphology of the diamond material grown, both on the diamond seeds and on the Si
substrate. A detailed presentation of the nature of the changes and their analysis will
be the subject of a future paper.

DIAMOND MATERIALS ANALYSIS

The large area mosaic diamond materials grown at both Lincoln Laboratory and
Wayne State University have been analyzed by various techniques. The results
presented here should be considered preliminary, since the deposition processes at
both facilities are currently the subject of active research. At present, because of the
competing mechanisms within the reactor that tend to favor the growth of
polycrystalline and/or nondiamond materials, the reproducibility of the growth process
for large specimens is difficult, which has resulted in a limited number of high-quality
samples. The largest specimen to date was grown at Lincoln Laboratory by HFCVD.
It is approximately 1 x 2 x 0.025 cm and was obtained by the following technique.
First, - 100 gm of diamond were grown on a seeded substrate. The Si portion of the
seeded substrate was then etched away in a solution containing HF and HNO 3 . After
etching and cleaning, an additional 150 glm of homoepitaxial diamond was grown on
the side previously covered by the Si substrate. This process completely buried the
original seeds and resulted in a smooth specimen with a local surface roughness of a
few micrometers.

Transmission x-ray diffraction topographic analysis for the above sample was
done at Lincoln Laboratory using the (040) diamond crystal planes (Fig. 11). A
portion of the sample was analyzed in a system with a 0.060 angle of acceptance and
compared with a contiguous polycrystalline region in the same specimen (Fig. 12).
Regions of the sample where the diamond (100) plane is within the acceptance angle
show on the topograph as very dark. Regions in which angle of the (100) plane
exceeds the acceptance angle, but deviates by less than a few tenths of a degree,
show as darkened. Within the limits of resolution of this analysis, no major difference
could be found between the measurements for the HFCVD large area mosaic
diamond sample and those that would be expected for comparable single crystal
diamond.

The morphology of the large area mosaic diamond material analyzed above,
which was grown in the HFCVD system, is similar to that of material grown by
MPECVD. Both materials appear smooth and uniform, with a local surface roughness
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of a few micrometers. In SEM images, it is difficult to find the grain boundaries in the
mosaic diamond, unless one looks in the region of a missing seed. In the SEM of a
T-shaped void in MPECVD-grown diamond, shown in Fig. 13, it can be seen that the
material grows into the region of the missing seeds. The thickness of this sample is
- 150 gm. If the growth process were continued, the voids at the location of missing
seeds would eventually become filled.
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The microfocus Raman technique [17] has been used to analyze the mosaic
diamond material grown in the MPECVD system. Measurements were made in
regions corresponding to the nominal axis of a diamond seed (center) (Fig. 14) and to
the space between the seeds (edge) (Fig. 15). Both Raman spectra show a well-
defined peak at 1332 cm- 1 and no additional peaks, such as those corresponding to
amorphous or graphitic materials. The Raman spectrum for the diamond material
grown at the boundary between seeds (Fig. 15) does show, however, an increased
background photoluminescence, as might be expected in a region of higher disorder.
Raman analysis of recently grown mosaic diamond shows a spectrum similar in
quality and amplitude to that of natural diamond.

An additional method for testing the quality of large area mosaic diamond
materials is by fabrication of microelectronic devices. At Lincoln Laboratory, diodes
have been fabricated using polycrystalline, mosaic, and single crystal diamond
(Fig. 16). Based on the initial results, the mosaic diamond and the single crystal
diamond devices show comparable performance. The polycrystalline diamond
diodes, however, consistently shorted.

SUMMARY AND CONCLUSIONS

A new method has been developed for the fabrication of large area diamond
materials, in which small diamond seed crystals are oriented on an etched substrate
and then grown together into a large, near single crystal quality diamond sheet. X-ray
and Raman analyses of materials grown by this technique show that large area
mosaic diamond can be comparable in quality to natural diamond. Initial
microelectronic devices fabricated with the materials support this conclusion.
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ABSTRACT

A low pressure chemical vapor deposition technique using water-alcohol vapors has been
developed for the deposition of polycrystallite diamond filns and homoepi(axial diamond films,
The technique uses a low pressure (0.50 - 1.00 Torr) rf-induction pla-sua to eff(.ctiely disso('i-
ate the water vapor into atomic hydrogen and Oil. Alcohol vapors admitted into the chamber
with the water vapor provide the carbon balance to produce diamond growth. At 1.00 Torr.
high quality diamond growth occurs with a gas phase concentration of water approxitmatel%
equal to -17% for methanol, 66% for ethanol, and 83%c for isopropanol A reduction in the criti-
cal power necessary to magnetically couple to the plasma gas is achieved throu.gh the addition
of acetic acid to the water:alcohol solution. The lower input power allows lowker temperature
diamond growth. Currently, diamond depositions using water:methanol:acetic-acid are occur-
ring as low as 300'C with only about 500 W power input to the 50 mm diameter plasma tube.

INTRODUCTION

To date, diamond films produced by chemical vapor deposition teclhiques have been
grown principally using heavy dilution of organic gasses with molecular hydrogen.' 12 The role
of molecular hydrogen to the process is manifold, but the dissociation of molecular hydrogen
into 7 high fraction of atomic hydrogen is critical to diamond stabilization and growth. A
plethora of techniques have been applied to create concentrations of atomic hydrogen sufficient
for high quality diamond growth. Typically, these techniques involve a high-temperature
region (hot-filament, oxy-acetylene torch, microwave plasma, dc arc discharges, etc.) wherein
high dissociations of molecular hydrogen is feasible. Some workers have avoided the use of
molecular hydrogen by using source gasses rich in oxygen.

5
-l' Other workers have augmented

the molecular hydrogen with small percentages of water.1-12 We report here on a low pressure
rf-inductive plasma-assisted chemical vapor deposition technique for the growth of diamond
which uses water not molecular hydrogen as a process gas stabilizing diamond growth. Atomic
hydrogen necessary for diamond growth (in this process) is supplied from plasma-dissociation
of water and alcohol vapors. Unlike previous work, addition of water to the alcohol is neces-
sary to produce well-facetted diamond growth in this low pressure rf-plasma technique.' Furth-
ermore, it has been observed that addition of acetic acid to this CVD process enables diamond
growth to occur at reduced rf power levels and consequently at lower substrate tetiperatures.

EXPERIMENTAL APPARATUS AND APPROACH

A description of the chemical vapor deposition system used in this work has been previ-
ously reported.s-1

4 
The system produces diamond from both traditional lt, - Cll 4 mixtures as

well as the water:alcohol:organic-acid solutions. The system consists of a 50 mm id plasma

Mat. Res. Soc. Symp. Proc. Vol. 242. c 1992 Materials Research Society
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Figure 1. SEM micrographs from diamond films deposited from various
volumetric concentrations.
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B Ace t ic-acid: water: in ethanol results

It was observed that diamond growth from the water-alcohol solutions required less rf
power than diamond growth from more traditional H0/C1 4. The lower rf power most likely
'%:v a consequence of the water-methanol have lower ionization potentials than the 112, - CH4-
Water, for instance, has an ionization potential of 12.61 eV as compared to an ionization poten-
tial of 15.43 eV for iH. Methanol, for instance, has an ionization potential of 10.84 eV as com-
pared to ain ionization potential of 12.64 eV for CH.,. The lower ionization potentials permit
lower rf power levels to be applied for sufficient plasmia ionization. Correspondingly, we have
observed that the addition of organic acids to the water solutions substantially reduces the
critical power necessary to magietically couple to the plasma gas. It is suspected that these
organic molecules have even lower ionization potentials than water.

As a consequence, diamond growth in the low-pressure rf-induction plasma can be
evaluated at lower substrate temperatures (through reduction in the induced current in the
graphite sample carrier). Figure 2 shows SEM micrographs of diamond films deposited at 0.50
Torr using a volumetric mixture of 2:2:1 acetic-acid:water:methanol. The sample temperature

550 °C 475 °C

400'C 300'C

Figure 2. SEM micrographs from diamond films deposited at different
temperatures using acetic-acid:water.methanol (2:2:1).
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is reduced from one sample to tle next by the reduction in rf applied power. The growths at
all temperatures shoow well-faceted diamond polyhedra. There appears to be no severe degra-
dation of the film properties despite the - 300'C reduction in growth temperature. An
assessment of the crystalline quality of the film, as measured from the full width half max-
mium of the 1332 cm 1 phonon line would tend to indicate that higher quality growth was
achieved between 300--t00 (C than at higher temperatures. Raman spectra for the films grown

at 300 and -100 'C are shown in Figure 3. All these films showed an amorphous carbon 1om-

ponent at 1500 (m-1. Tlhe reduction in applied power did reduce the deposition rate. The film
deposited at 575 C grew at a linear rate of 6000 A/fhr while the film deposited at 300'C grew
at a linear rate of 2000 A 'lhr.

300 C

10 O 11200 12800 14400 1 C0 17 00

400 C

100O 11200 IMO0 14400 16M' 0 17C.00

RCWc

Figure 3. Raman spectra from the films deposited with
acetic-acid:watet0methanol at 300 and 400 'C.
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DISCUSSION

The growth of diamond is undoubtedly facilitated in the low-pressure rf-induction plasma
by the high electron density achieved when at a critical power the coupling changes from E-
field to B-field coupling. In this work, we have replaced molecular hydrogen and methane with
various mixtures of water, alcohols, and organic acids. The vapor discharges from the water-
based solutions are easily ionized in the rf plasma owing to lower ionization potentials for the
water, alcohol, and acetic acid molecules. As a consequence, lower power levels are necessary
for a B-field coupling.

Once the B-field coupling occurs, the high electron density and high electron temperature
allows atomization of the parent molecules. Atoms and free radicals of both graphite etchant
species such as It and OH and carbon-containing radicals are present at the diamond growth
surface. Dissociation of those species will depend directly on the bond strengths. If one com-
pares bond-strengths for the various molecules and radical species used in this work, a number
of interesting observations are apparent. First, the H-OHl bond (5.2 eV) is not significantly
weaker than the H1-H bond (4.5 eV). Thus, the high generation of atomic hydrogen from water
discharges is probably a consequence of the lower ionization potential and a larger cross-section
for electron-impact dissociation. Second. the bond strengths for H-liberation for a radical such
as CH.,O-H (1.3 eV) from the methanol has a significantly lower dissociation energy than the
parent CH30-H (-1.9 eV) molecule. The CH,2O-H dissociation energy is also significantly lower
than any of the energies for methane, methyl, or methylene dissociation. One would expect
that electron energies it the plasma sufficient to dissociate hydrogen from the methyl group on
methanol would be more than sufficient to dissociate the CH.O-H bond. And third, the
lowest dissociation energies for H- liberation are found for the carboxyl radical COO-H (0.5 eV)
These radicals are contained on the organic acid and halogenated organic acid groups. It is the
dissociation of this bond that gives the acidity to water solutions containing these organic
molecules. One would expect then that, besides the lower ionization potential offered by the
addition of the organic acid molecules to the plasma discharge, the organic acids would readily
release IH atoms to the plasma gas. The organic acid group behaves as graphite solvent in this
process. To date. we have not been successful in depositing diamond from solutions of
exclusively water and acetic acid. Concentrations of acetic acid in excess of 80% in water solu-
tion have not been evaluated. For the concentrations of acetic acid that we are using for the
low temperature diamond growth 2:2:1 (acetic-acid:water:methanol), the primary roles of the
organic acid group are (1) to promote ionization in the rf induction coil and (2) to contribute H
atoms to the growth process.

We have previously been discussing mechanisms by which the water-based processes pro-
mote diamond growth in low-pressure rf-induction pla~sma~s. These mechanisms have all been

concerned with H- atom generation. At low pressures, diffusion of H atoms to walls and recom-
bination of HI atoms on the walls limit the steady-state population of Hl atoms. The steady
state population being the difference of the generation and loss rates. The water-based pro-
cessed (besides producing higher generation rates per unit power than the molecular-hydrogen
based processes) may also significantly reduce the loss rates at low pressure. Water passiva-
tion of tube walls in flowing afterglow hydrogen discharges has been used to reduce wall recom-
bination. Water vapor (integral to the diamond growth in this work) would continuously pas-
sivate the reactor walls. Indeed, it might be possible to maintain the reactor walls at a tem-
perature low enough to condense multiple layers of water on the plasma tube walls. The water
condensate would serve to buffer the wall materials from the extremely aggressive plasma
environment. In addition to wall passivation, the water-based process may also reduce loss
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rates by permitting H+ complexing with neutral 11. 0 water molecules. The hydronium• ion
1130 as in acidi'-water solutions should remain highly reactive, Yet complexed so as to retard

rapid diffusion to the plasma walls. It, thus. seems plausible that the water-based processes for
diamond growth can enhance diamond growth both by perimitting higher generation rates of
active species and by reducing loss mechanisnis.

CONCLUSION

A low pressure chemical vapor deposition technique using water-alcohol vapors has been
dleveloped for the deposition of polycerst.alline dliatiotnd films and homoepit axial diamond films.

The technique uses a low pressure (0.50 - 1.00 Torr) rf-induction plasma to effectively dissoci-
ate the water vapor into atomic hydrogen and OH. Alcohol vapors admitted into the chamber
with the water vapor provide the carbon balance to produce diamond growth. Unlike previous
results obtained from microwave sources using only methanol or Ar/methanol mixtures, the
rf-induction source grows poor quality diamond unless water vapor is admitted. At 1.00 Torr,
high quality diamond growth occurs with a gas phase concentration of water approximately
equal to 47%, for methanol, 66c, for ethanol, and 83i for isopropanol. In the operation of the
rf induction plasma, there exists a critical power level at which the coupling to the plasma
changes from F-field coupling to B-field coupling. The B-field coupling has been shown in Ar
plasmas to produce about two orders of magnitude increase in the electron density. We have
observed that the critical power to achieve B-field coupling is substantially lower for the
water-based processes as compared to the traditional molecular hydrogen-based processes.
Furthermore, reduction in the critical power necessary to B-field couple is achieved through
the addition of acetic acid to the water:alcohol solution. The water-alcohol vapors permit dia-
mond growth to occur at lower power levels as compared to the HIIiCH4 discharges. The lower
input power level required in turn reduces substrate-carrier inductive heating and allows lower
temperature diamond growth. Currently. diamond depositions using water:methanol:acetic-
acid are occurring as low as 300 C with only about 500 W power input to the 50 mm diameter
plasma tube.
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* Plasma-Therm I.P. Inc,.St. Petersburg, FL
** University of South Florida, Department of Electrical Engineering, Tampa, FL

ABSTRACT

We have applied an electron cyclotron resonance technique to deposit diamond thin films
on various substrates under remote plasma, low temperature (6000C) and low pressure (60 mTorr)
conditions. Diamond films were grown on different substrates (silicon, molybdenum) with
varying concentrations of precursor gases (methanol and water). A positive substrate bias (50 to
60 V) was found to be essential for the growth of diamond films onto substrates positioned 16 cm
below the ECR plasma. The films were characterized by Raman, X-ray diffraction and scanning
electron microscopy for microstructure, phase purity and chemical bonding characteristics. The
effect of various processing parameters including gas pressure, gas composition, substrate
temperature and bias have also been analyzed.

INTRODUCTION

Most diamond CVD methods (microwave, dc and rf plasma, hot filament) can be termed
"thermal" since the gas mixtures are heated to temperatures over 2000K. [1 ,21 At these
temperatures, the input gases (such as CH 4 , 02 and H2 ) decompose thermally, thereby forming
active species for diamond growth. The various te, "niques differ on the type and intensity of other
excitation phenomena, (e.g., electron impact ion. auon and dissociation [31, photon absorption and
emission) which operate concurrently with thermal excitation of the gas mixture. In contrast, low
pressure and highly ionized plasmas which rely on electron impact for dissociation and ionization
can be generated by electron cyclotron resonance (ECR) conditions. This occurs when the
microwave energy is coupled with the resonant frequency of the electrons in the presence of a
magnetic field. True electron cyclotron resonance cannot occur above 10 mTorr (1.3Pa) due to the
limited mean free path of electrons in the plasma, but significant magnetic field confinement and
enhancement of a plasma has been observed at pressures as high as 100 mTorr [4]. An ECR
plasma typically has a very high electron temperature (e.g., >22,000K) a relatively cool ion
temperature (typically 10% of the electron temperature) and neutrals that are typically < 500K. In
an ECR plasma, the generation of the species necessary for diamond growth must proceed
predominantly by non-thermal mechanisms such as electron-induced dissociation and ionization.
ECR plasmas offer several potential advantages as a means to deposit diamond thin films. Since
the neutral gas temperature is nearly the same as the temperature of the chamber walls, and the
pressures are in the molecular flow regime, it is relatively easy to generate a uniform distribution of
activated gas species over a large area. Secondly, the low pressure of the plasma may enable the
generation of activated species remote from the substrate surface, i.e, enabling downstream
processing in order to coat large areas.

Magnetically enhanced microwave PECVD of diamond was first reported by A. Hiraki et.
al. [4, 51 who employed a magnetic mirror ECR design in which two electromagnets were used to
couple a static B field to a microwave field. They also reported a significant increase in deposition
rate of diamond films using a source gas mixture of methanol and helium. Recently, Eddy et. al.
[61 also reported the growth of diamond films at low pressures using CO and hydrogen gas
mixtures.

In this paper, we report remote plasma growth of diamond thin films using water plus
methanol mixtures. The avoidance of H2 as a source gas was based on the high H-H bond
strength (104 kcal/mol) and the small size of the H2 molecule, which make plasma-induced
dissociation into atomic H highly endothermic. Recently, workers at Research Triangle Institute
have also reported the deposition of diamond films from alcohol and water mixtures using a rf
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plasma system. [7] The use of H2 0 instead of H2 enabled a reduction in the substrate temperature
:.ecessary for rapid diamond growth. The Or-' group is specul!ted to perform a similar fimction to

atomic hydrogen, i.e stabilization of the diamond phase and/or preferred etching of graphite and
graphite precursors. The use of H2 0 instead of H2 as a source gas also has many practical
advantages, e.g. H2 0 is cheaper and safer to handle than H2 .

EXPERIMENTAL

Experiments were performed in a Plasma-Therm BECR-6 system at the University of
Florida (UF) and in a prototype BECR-6 system at the University of South Florida (USF). A
photo of the BECR-6 system is shown in Figure 1. Two rings of rare-earth permanent magnets
(10 magnets/ring) are mounted on
the exterior of a 6" I.D. by 6" long
ECR module. The magnetic field at
the pole face of each magnet is
approximately 3 kGauss. Cusp-
shaped zones of 875 G field are
generated inside the vacuum
chamber. A turnstile coupler is
used to direct 2.45 GHz microwave
field through a silica
vacuum/microwave window at the
top of the ECR module. At
pressures below 150 mTorr, the
coupling of the magnetic field to the
electrons in the microwave plasma
is strong enough to position the
center of the plasma within the two
rings of magnets. At pressures
below 10 mTorr, electron cyclotron
resonance occurs along the cusp-
shaped surfaces where the magnetic
field strength equals 875 G. The
source gas mixture was methanol
and water. Methanol was injected e
in a ring positioned beneath the base
of the ECR chamber, while water
was injected from the top.
Substrates were placed on a heated
platen which was electrically
isolated to enable dc biasing. and
were positioned 8 to 20 cm
downstream from the ECR zone. A
positive bias of 50 to 60 V was
found to be essential for diamond
thin films. The substrates used for
growth experiments were Si and
Mo plates scratched with submicron
diamond powder and then
ultrasonically washed in methanol. Figure 1 Photograph of Plasma-Therm BECR-6 system.
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RESULTS AND DISCUSSION

Figure 2 shows the surface topography of the diamond film deposited using a methanol to
water ratio of 20:1. During the deposition process, the substrate temperature was kept between
500"C and 6000 C, while thc total prcssur; in Cie cha.nber w:i 60 reTon. It wds fo..d tha: a
positive substrate bias ( 50 to 60 V) was necessary for remote diamond film growth. Under these
conditions, a secondary discharge glow was observed at the substrate, presumably due to electron
impact of the gas species arriving from the ECR playma. The average dc current density measured
during the experiment was between 20 - 40 mA/cm . The stabilization of the diamond phase
under remote plasma conditions depends strongly on the positive substrate bias, which is believed
to repel the positively charged ionic species in the plasma as well as generate diamond precursor
gas species at the substrate surface.

Figure 2 SEM micrograph of diamond film deposited using a methanol to water ratio of 20:1.

The film consists of crystallites of approximately 0.4 to 0.6 Igtm in size; the average growth
rate was 40 to 50 nm an hour. Higher magnification of this diamond film shows a "cauliflower"
type structure observed due to multiple nucleation of the diamond phase. The corresponding
Raman spectra of this film, (Fi ure 3), exhibits a diamond peak at 1334 cm-1 and a broad
spectrum from 1450-1550 cm-1 suggesting the presence of sp2 bonded carbon in the form of
graphite, amorphous carbon or a combination of both. The full width at half maximum (FWHM)
of the diamond peak is approximately 12 cm- I which is considerably greater than that of natural
diamond (FWHM -1.8 -2 cm'l.) This widening of the peak can be attributed to small grain size of
the material or formation of a highly defective material.
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Figwe- 3 Raman spectra of diamond film deposited using methanol to water ratio of 20: 1,

Figure 4 shows a SEM micrograph of a film nucleated for I hr at 60 mTorr with methanol
to water ratio of 20: 1 and then deposited for 15 hr with methanol to water ratio of 5: 1. Other
conditions for deposition were the same as the earlier film. A nearly continuous film is formed
composed of many fine crystallites thus resulting in smooth coverage of the substrate. The
corresponding Raman spectrum If the film is shor/ in Figure 5 which also shows a relatively
broad diamond peak at 1334 cm- , and a weak spz bonded peak. It was observed decreasing the
methanol to water ratio of 3:1 resulted in etching of the substrate instead of deposition.

Figure 4 SEM micrograph of diamond film deposited using water to methanol ratio of 5: 1.
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Figure 5 Raman spectra of diamond film deposited using water to methanol ratio of 5:1.
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Figure 6 X-ray diffraction spectrum of diamond film deposited using water to methanol ratio 10:1.
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Figure 6 shows a X-ray diffraction pattern of a film on silicon substrate deposited with
methanol to water ratio of approximately 10 : 1. This film was deposited at 25 mTorr and about 7
cm below the ECR zone. This X-ray spectra shows the presence of diamond peaks corresponding
to the-' (11 , (220) and (311) planes. The iihLLsities of the peaks are in agreement with their
structure factor, thus confirming that the film is randomly oriented. The diffraction peaks are also
broadened due to the defective nature of the film.

SUMMARY

In conclusion, we have fabricated diamond films under remote plasma, low temperature
and low pressure conditions using methanol and water as input species. Randomly oriented
diamond films have been fabricated with varying ratios of methanol to water (20:1 to 5:1). At
lower concentrations of methanol, etching of the substrate is observed. It is expected that with
further optimization of the processing variables large area continuous diamond films can be
fabricated by this method at temperatures below 600"C.
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ABSTRACT

Polycrystalline diamond films were synthesized both by using an open
atmosphere combustion flame, and also using a combustion flame in an enclosed
chamber. By operating the pre-mixed oxy-acetylene torch in a chamber, we were
able to vary the atmosphere around the flame in a controlled manner and study the
effects on the diamond films. Varying the atmosphere around the flame is of
interest to control the incorporation of unwanted gases, such as room air, and to
obtain finer control over the flame properties. We report on the properties of films
grown in the open atmosphere and in the chamber with oxygen and argon.

Introduction

The combustion flame technique has been demonstrated at several laboratories
to be a viable technique to obtain high quality diamond films with it high growth
rate (>100lm/hr)[l-10]. In this paper, we report on the growth of free standing
polycrystalline diamond films grown by the combustion process using an oxy-
acetylene torch in the open atmosphere, and in an enclosed chamber where the
environment can be controlled. Diamond growth using an oxy-acetylene torch
occurs in the fuel rich acetylene feather just outside the primary flame front. The
torch is a premixed design, where oxygen and acetylene are combined in the
mixing chamber and then burn near the primary flame front (inner cone) where
temperatures can reach up to about 3300K[111. The overall combustion reaction at
the inner cone is [12]:

C 2H 2 +02 --- 2CO + H2 (1)
with many reactive intermediates (eg. H, OH, C2,and C2H) involved in the overall
reaction. If the torch is run in a fuel rich mode, the unburnt hydrocarbons,
reactive intermediates, CO, and H2 form a region (feather) bounded by another
flame front caused by oxygen diffusion from the surrounding atmosphere.
Although the oxygen and acetylene gases are premixed in the torch, the outer
regions of the feather can be described as a diffusion flame because of the oxygen
diffusion from the atmosphere. When the torch is operated in the open
atmosphere, there is an ample supply of room air available for diffusion into the
flame fully oxidizing the combustion products to C0 2 and H 2 0 in the outer region.
Fourier transform infrared spectroscopy has shown that the feather region
contains a large concentration of CO and the outer part of the feather and the outer
region of the flame contain an appreciable amount of OH, H2 0 and C0 2 [131. Laser-

induced fluorescence and mass spectrometry have shown the feather region also
contains an appreciable amount of nitrogen[12]. This indicates that the
atmospheric air not only oxidizes the combustion products in the outer region, but
does indeed diffuse into the feather region.

Since environmental gases around the flame diffuse Into the area of the flame
where diamond growth occurs, these -nvironmental gases are an important
variable that warrants further attention. Varying the atmosphere around the
flame is also a method of controlling the incorporation of unwanted dopants, such
as nitrogen, and of obtaining a finer control over the flame properties. In the
present paper, we will discuss films that were made (A) in the open atmosphere, (B)
in the enclosed chamber using argon as the auxiliary gas, and (C) in the enclosed
chamber using oxygen as the auxiliary gas.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Experimental

All of the diamond films were synthesized using a premixed oxy-acetylene
wclding torch with a nozzle diameter of 1.17 mm. The flow rates of the oxygen an"
acetylene(99.6%) were controlled by mass flow controllers with the total flow rate
being held constant at 7 SLM. The films were grown on molybdenum screws that
were placed in a threaded hole in a water-cooled copper block. The temperature of
the screw was controlled by the depth of penetration into the copper block and was
monitored by using a two-color pyrometer. The temperature of the films that will

be discussed was 900
0

C (±.200). In order to enhance the nucleation, the surface of
the molybdenum screw was polished with 600 mesh silicon carbide followed by I
gsm diamond paste, and then ultrasonically cleaned in acetone and methanol.
Because of the large difference in the thermal expansion of diamond and
molybdenum, the film delaminates as the substrate cools. All the samples discussed
in this paper were thus free standing diamond films.

A similar apparatus to that described above was placed in an enclosed chamber
in order to control the atmosphere around the flame. Prior to lighting the torch,
the chamber was evacuated to approximately I torr and then backfilled with the
auxiliary gas, either argon or oxygen. An exhaust valve was opened during the
growth process, so the experiments were done at slightly above atmospheric
pressure.

Micro-Raman analysis was performed using the 514.5 nm line of an argon ion
laser and a spatial resolution of less than I jgm[141. The Raman line width
measurements were performed in the photoluminescence apparatus using a 488.0
nm line with a laser spot size of about 100 gImil5. The photoluminescence
experiments were carried out at 6K in a Janis supervaritemp cryostat. Scanning
electron microscopy (SEM) was performed on these samples using a Cambridge S200
instrument.

RESULTS

Results are reported on three types of samples grown in (A) the open
atmosphere. (B) the enclosed chamber using argon as the auxiliary gas, and (C) the
enclosed chamber using oxygen as the auxiliary gas. Sample A was grown using an
oxy-acetylene torch operating in the open atmosphere with an 0 2 /C 2H12 ratio of
1.04. Sample B was grown using an oxy-acetylene torch operating in an enclosed
chamber with an 0 2 /C 2 H 2 ratio of 1.10 and an argon flow of 5 SLM. Sample C was

grown with an 0 2 /C 2 H 2 ratio of 1.03 and an oxygen flow of 7 SLM. Just prior to
ending the growth of sample C, the auxiliary flow was changed to argon while the
sample cooled down to room temperature. A fourth sample was grown using the
same sample conditions as sample C, but when this experiment was terminated, the
auxiliary oxygen continued to flow. Therefore, the substrate cooled from 9000 C to
room temperature (about 2 minutes) in an atmosphere containing a large
concentration of oxygen. The total flow rate through the torch for all of these
samples was held constant at 7 SLM. The growth time for each of the samples was 60
minutes, while the temperature of the substrate, measured with a two-color
pyrometer, was approximately 900oC(±200).

The crystallite morphology of the films can be seen in the SEM micrographs of
Figure la-d. Micro-Raman spectra of samples A, B, and C are shown in Figure 2a-c,
while Figure 3ab show the photoluminescence spectra of sample A and sample C.

The shape of the feather in an argon environment was very long and slender,
drastically different from the rounded appearance in the open atmosphere. For a
given position in the flame, the temperature of the substrate also appears to be
affected by the environmental gases. We have also observed that no water vapor
condenses in the chamber in an argon atmosphere, but in an oxygen atmosphere,
water is seen condensing on the walls of the chamber.
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Figure 1. Morphology of films grown in various atmospheres (a.uppcr left)

open atmosphere, (blower left) argon atmosphere. (caupper right)
oxygen atmosphere (cooled in argon), and td,lower right) oxygen

atmosphere (cooled in oxygen).

DISCUSSION

The temperature in various parts of the acetylene feather has been shown to be
between 2200 and 30OCK with a substrate in placetl3]. We have found that the
temperature of the substrate in the feather is lower in an argon atmosphere, and
can easily be varied over a 100K range by changing the environmental gases,
without varying the depth of penetration of the substrate into the water-cooled

copper block. The lower temperature in an argon atmosphere is not unexpected,
since there is no additional oxvxen to promote the further combustion of the
unburni fuel, and thus, less heal is provided by the flame. In an argon atmosphere
where the only source of oxygen is through the torch, a slightly higher
oxygen/acetylene ratio was use" tto attain similar growth as compared to an oxygen
atmosphere. The feather is e.scntially starved of oxygen in an argon atmosphere
that would normally diffuse into the flame and bum with the excess fuel creating a

secondary flame front. Therefore, the feather is not bound by this secondary
flame front in an argon atmosphere ant only a small increase in the acetylene flow
rate is needed to extend the slender feather several inches. In the open
atmosphere, small increases in the acetylene increased the length of the feather
very gradually. Since diamond growth occurs in this feather region, the
composition of the environmental gases is important.

Assuming complete efficient combustion, from the equation
C2112 + 5/202-3- 2CO2 + H20 (2)

and an 0 2 /C 2 112 ratio of approximately I, then the flow rate of additional oxygen in

the chamber should be about 3/2 the flow rate of C2H2 through the torch in order to
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obtain the fully oxidized combustion products. We see evidence of this visually, by
water condensing on the walls of the chamber when sufficient oxygen is present.

The well crystallized faces, typical of growth in the open atmosphere, is
shown in Figure Ia. An interesting feature of the film grown in argon is the
smooth (100) faces shown in Figure lb. This is not unexpected, since growth can
ocLur on the (100) face one atom at a time resulting in a smooth face, whereas
growth on faces such as the (111) face often proceeds by a step mechanism[16].
Although the smooth (100) faces is not surprising in general, it is interesting that
this is so clearly seen in the flame grown polycrystalline samples when there is a
decreased oxygen content in the environment.

The morphology of the sample grown in 100% oxygen and cooled primarily in
argon is shown in Figure Ic. The grains are much smaller (1 gm) in the outside
region and show a micro-Raman spectra similar to 2c. This may be related to an
increased concentration of atomic 0 and OH expected in the outer region of the
flame. OH, and to a lesser extent atomic 0 have been thought to be very effective
etchants of various forms of carbon[171. This is in contrast to the outer edge in the
atmospheric grown films where the quality of the diamond is lower possibly due to
the increased incorporation of nitrogen[14]. In the past, this has been attributed to
a high entrainment of room air (mostly nitrogen) in the outer part of the flame
causing the decreased quality of diamond in the outer region of the film[18].

Figure Id shows the morphology of a film grown in 100% oxygen and allowed to
cool in an oxygen environment. Many pits are evident on the grains, and we
believe they are most likely a result of etching by oxygen species after the flame
was extinguished. This indicates that not only is graphite and amorphous carbon
being etched, but the diamond faces show signs of considerable etching. It is
interesting that some grains indicate preferential etching with fewer pits being
seen on the (100) face which is known to be the slowest etched face in both natural
and synthetic diamond[19].

As can be seen in the micro-Raman spectra in Figure 2a the films grown in the
open atmosphere show no signs of graphitic or amorphous carbon. The films
grown in the chamber with 100% oxygen (Figure 2c) also indicate high quality
diamond, although there may be a small amount of amorphous carbon present in
these films. Although we have been successful in growing diamond in an argon
atmosphere, the quality of the diamond film decreases (Figure 2b). The broad band
centered around 1500cm

t
1 is indicative of amorphous carbon, and the background

fluorescence is also much larger, which indicates a larger number of defects in the
sample. It appears that the oxygen entrainment into the feather region plays an
important role in suppressing the formation of amorphous carbon in the films.
The Raman line width was measured with a laser spot size of 100 lim in order to get
an indication of the overall quality of the film including intergranular regions.
The Raman full width half maximum (FWHM), a measure of the crystalline quality.

was found to be 4.7 cm"1 for the film grown in oxygen and slightly wider, 7.0 cm-
1 .

for the film grown in argon.
Photoluminescence spectroscopy can also be used to monitor the quality of the

film by examining the diamond Ist order phonon line shape, and the zero phonon
line and phonon replicas of defect bandsl151. Shown in Figure 3a,b are the
photoluminescence spectra of a film grown in the open atmosphere and with 100%
oxygen in the chamber. In Figure 3a the line at 2.16 eV (d) is believed to be due to a
double vacancy-nitrogen complex!201, while the line at 1.95 eV (e) is from a
vacancy-nitrogen pairl2l1 and the line labclcd(a) is a nitrogen complex bandI201.

The band labeled b is the diamond Ist order phonon line, while b* is indicative of a
small amount of graphite present in this sample. The broad band labeled f is due to
the spectrometer response when this sample was measured. For the film grown in
the chamber (Figure3b) we see no evidence of the nitrogen defect bands, which
indicates that we have reduced the defects associated with nitrogen when we
operate in the enclosed chamber and control the environmental gases. There was
some evidence of nitrogen defect bands (although still smaller in intensity than
the open almosphere films) in other samples that were grown in the chamber, and
may be related to impurities in the gases used (oxygen, acetylene or argon).
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CONCLUSION

In this paper, we have demonstrated the growth of polycrystalline free standing
diamond films using a pre-mixed oxy-acetylene torch in an enclosed chamber. We
have demonstrated some of the effects that the atmosphere has not only on the
flame, but also on the quality and the morphology of the diamond films. When the
torch is the only source of oxygen, the films show an increased amount of
amorphous carbon present. When the atmosphere is primarily oxygen, the quality
of the film is much better even to the outer edge of the film. We have also showr
the drastic etching effect that is observed when the films are allowed to cool to
room temperature in an oxygenated atmosphere. The photoluminescence results
also indicate that there may also be a reduction in the incorporation of nitrogen in
the films by controlling the atmosphere around the flame.
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ABSTRACT

We have constructed a novel, sequential DC glow and hot filament CVD reactor, to
study the influence of single parameters on the deposition of diamond thin films. This reactor is
capable of growing diamond films, with independent excitation of hydrogen and methane. This
is achieved by the sequential exposure of the substrate to spatially separated, chemically
independent, plasma regions of hydrogen, and methane in helium. The substrate is mounted on
a rotating plate above the gas sources at a variable distance, typically 0.5 - 2 mm. The plate is
radiantly heated from behind to a desired temperature up to 1300 K. Using the sequential
deposition chamber we have been able to deposit good quality diamond up to 8% methane in
helium, without the presence of oxygen, by separating a source of atomic hydrogen and a
source of methane. These experiments show that methane and atomic hydrogen do not need to
be present simultaneously to grow diamond. Our results further indicate that the primary critical
parameter for both quality and growth rate, in hot filamen, deposition of diamond, is the
concentration of atomic hydrogen in the system.

INTRODUCTION

Dramatic advances in the field of the synthesis of diamond films and related materials
have occurred in the last few years. The major driving forces behind these efforts are the
unique and extraordinary material properties of diamond for technical applications in a large
number of fields. However, there are many stumbling blocks before the wide spread
application of diamond material can be accomplished. A major hindrance is the poor
understanding of the mechanisms of nucleation and growth of diamond, the interaction between
the diamond film and the substrate, and the ability to grow large single crystals which can be
suitably doped.

The objective of our research is to develop an understanding of the governing kinetic
parameters behind the nucleation and growth of diamond. Because of the many species present
in applied diamond synthesis techniques, the actual deposition process is complex and poorly
understoodt- 3 . Attempts to elucidate the mechanisms of nucleation and growth have primarily
focused on gas phase precursors, which might form sp3 bonds on the growing surface 4 .5 . The
complex gas phase chemistry has also precluded in situ measurements and detailed comparison
with suggested growth models 6.7 . By separating the deposition process into several sequential
steps, our aim is to identify the most critical deposition parameters to reach an understanding of
the basic phenomena behind the deposition process.

We have therefore constructed a novel type of sequential CVD reactor in which the
substrate can be serially exposed to four independently controlled gas sources. Thus, the role
of each species can be isolated and individually modified, to vary deposition parameters such as
growth rate and film quality. We are able to expose the substrate to a sequence of hydrogen,
carbon, oxygen, and inert gas sources, with independent control of parameters such as
excitation and concentration. This control allows, for instance, an increase in the concentration
of atomic hydrogen without changing or influencing other deposition parameters. In
conventional CVD reactors, and in the newer alternating chemistry reactors 8, a change of a
process parameter such as a change in the excitation of one species would lead to a change in the
excitation of other species present. Our results indicate that a critical parameter in hot filament
deposition of diamond is the bombardment of the growing surface by atomic hydrogen.

REACTOR DESIGN AND PERFORMANCE.

The basic principles behind the design of the sequential deposition system is shown in
Figure 1. The apparatus is mounted in a diffusion pumped bell jar vacuum system having a
base pressure lower than 2x10-7 Torr. The reactor consists of four gas emrtter assemblies, each
about one inch in diameter, electrically insulated from the substrate. Gases are supnlied to each

Mat. Res. Soc. Symp. Proc. Val. 242. 1992 Materials Research Society
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emitter station at a rate high enough to insure that intermixing between the emitters is minimal
and does not influence the growth process. The substrate is mounted on a rotating plate facing
the gas excitation sources at a variable distance, typically 0.5 - 2 mm. The plate is heated from
behind up to a temperature of 1300 K by a tungsten filament.

Gases flowing through the emitter heads can be excited by a variety of means, such as
hot filament, DC glow, and RF radiation, however, this paper will only be concerned with
excitation of gases by hot filaments.

Substrate with Heater Rotating

growing film Substrate
Substreate

Hot Filament A/VVV fl AL•VAAW•_ Hot Filamne't

H 2 He+C4

Hydrogen Blank
Hot Filament

Substrate\ B Methane /

S~Hot Filament

Rotating
SubstrateJ Plate

Figure 1: Side View and Top View of Sequential CVD reactor.

One of the major concerns with the separation of the gases into different plasmas is the
level of cross-contamination i.e. the flow of gas from one emitter into the active region of
another emitter. Cross-contamination was measured under deposition conditions by mass
spectrometer sampling of each plasma region, Figure 2 shows the level of cross-contamination
of helium in the hydrogen emitter as a function of the gas flow rate of helium and hydrogen
through each emitter. The data shows that the cross-contamination can be made arbitrarily low
by increasing the flow rates through the emitters. Allowing the level of cross-contamination to
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reach 20% has not been observed to effect growth rate or morphology but may have a
secondary influence on film nucleation density and incubation time.

50

40'

30-

" 2 30

10-

SHeaters

Off LO

0 200 400 600 800 1000

H2, He Flow Rate (scem)

Figure 2. The measured level of cross-contamination in the hydrogen emitter under the
following deposition conditions: hydrogen filament temperature 2500 K, substrate temperature

1100 K, substrate disk rotation at 200 RPM, chamber pressure of 30 Torr, and 200 scem of
argon flowing through the blank emitters.

To further illustrate that minimal cross-contamination is occurring a film was grown
with the substrate stationary over dte hydrogen emitter but otherwise under conditions identical
to the growth of a very thick film with rotation. The result was a film two orders of magnitude
thinner than in the rotating case. This film consisted of very small, < 0.1.tim, individual
particles of material only near the edges of the substrate. This is contrasted to the sequential,
rotating, case which, under identical conditions, deposited a I lVm thick fully agglomerated film
made up of particles greater then I ptm is size well faceted with facet features -1 p.m in size.

ROLE OF ATOMIC HYDROGEN

To investigate the role of atomic hydrogen in the deposition of diamond a series of film.
were deposited by sequential deposition at different concentrations of atomic hydrogen by
changing the temperature of the filament in the hydrogen emitter. All other deposition
conditions were held constant. Films were deposited on scratched <100> silicon wafers at a
substrate temperature of 1060 to 1080 K. The total deposition time was 10 hours, resulting in a
total exposure to each excitation source of 69 minutes.

The amount of atomic hydrogen can be estimated by assuming that the filament loses
power by radiation, conduction, and dissociation of hydrogen molecules. Observing the
characteristics of the filament in helium instead of hydrogen, the radiative and conductive
components can be measured, and by allowing for the difference in thermal conductivities of the
two gases, the power losses excluding hydrogen dissociation can be calculated. From this, an
estimate of the power consumed to dissociate hydrogen molecules, and hence a relative measure
of the atomic hydrogen concentration can be made.

Table I contains the deposition conditions data for all of the films presented he-e.
Included in this data is the estimated atomic hydrogen bombardment per atomic site on the
surface, per exposure of the substrate to the hydrogen emitter.
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TABLE I

Deposition conditions of eleven samples. Including estimated atomic hydrogen bombardment.

Film # % CH 4  CH 4 flu. T(K) H? fil. T(K) [HI (estimated).

1 4 2050 1780 300
2 4 2050 2030 450
3 4 2050 2070 480
4 4 2050 2240 660
5 4 2050 2250 660
6 4 2050 2310 81j

7 4 1500 1910 360
8 4 1500 2000 450
9 4 1500 2160 540

10 8 2050 2000 450
11 8 2050 2220 600

Figure 3 shows SEM micrographs and Raman spectra of diamond films deposited under
identical conditions, except that the flux of atomic hydrogen was changed, film numbers 1, 4.
and 6 in Table I.. The conditions for the depositions were 4% methane in helium with a
filament temperature of 2050 K. Pure hydrogen was supplied to the opposite emitter stand with
filament temperatures set at 1800 K to 2300 K. The substrate was kept at I 100 K, as
determined by optical pyrometry and rotated at 200 RPM. As can be seen, the increase in the
quality of the deposited film at increased atomic hydrogen flux is quite evident in the improved
morphology of the films. The Raman spectra for the three films, clearly shows the improved
quality with increasing hydrogen flux. The Raman spectrum of the first film shows a large sp 2

carbon peak at 1550 cm-t and no sp 3 diamond peak at 1332 cm-t. The second film, deposited
at a higher hydrogen flux, shows a decreased 1550 cm-t peak and a clear peak at 1332 cm-1.
Finally, the third film shows a very sharp 1332 cm-1 peak with very little sp2 content and a low,
level of photoluminescence background. With the current levels of concentration of atomic
hydrogen we are able to generate, we have been able to deposit !ood quality diamond films with
uip to 8% methane in helium. Figure 4 shows the SEM micrograph and Raman spectra of two
films (sample numbers 10 and 11) deposited with 8% methane in helium. The first film is
clearly not diamond while the second is diamond of medium quality. The cause of the unique
surface morphology of sample number 11 is not readily apparent. All the samples in Table I
exhibit an increasing film quality as measured by Raman spectroscopy as a function of increased
atomic hydrogen concentration. This improvement is expected since hydrogen has long been
known to be an etchant of sp2 defects in diamond filmst- 3.

We note that the growth rate is increasing linearly with atomic hydrogen concentration.
Figure 5 shows the thickness of the deposited films as a function of the temperature of the
hydrogen filament, for the samples listed in Table 1. Film thicknesses were determined by
Rutherford backscattering (RBS), for films < I gsm, and cross-sectional SEM for thicker films.
Clearly, increasing the temperature of the hydrogen filament at c,-nstant methane concentration
and filament temperature, increased the thickness of the deposited hMm. Additionally, increasing
the supply of carbon, by increasing the temperature of the methane filament, also increased the
thickness of the deposited film. Increasing the carbon content by increasing the amount of
methane in the source gas seems to have a mixed effect. Increasing the methane concentration
resulted in a decreased growth rate at low hydrogen concentration and an increased growth rate
at high hydrogen concentrations. If one assumes that the increased growth rate at constant
carbon conditions is due to an increase in atomic hydrogen this effect could be explained by two
growth mechanisms.
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Figure 3: SEM micrographs and Raman spectra of diamond films deposited under identical
conditions, except that the flux of atomic hydrogen was changed, film numbers 1, 4, and 6 in

Table 1. Hydrogen filament temperatures were 1780, 2240, and 2310 (K) respectively.
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Figure 4: SEM micrographs and Raman spectra of diamond films deposited under identical
conditions, except that the flux of atomic hydrogen was changed, film numbers 10, and 11 in

Table 1. Hydrogen filament temperatures were 2000, and 2220 (K) respectively.
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Figure 5. Film thickness as a function of the temperature of the hydrogen filament.
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Carbon may be deposited on the surface in three ways; (i) as a non-diamond film on top
of the growing diamond, (ii) as individual carbon atoms bonded or chemi-sorbed to the
diamond surface, or (iii) carbon may deposit directly as diamond, (this seems sterically possible
for the <100> face, but less so for the <111> face). If carbon is deposited as a non-diamond
phase in the methane emitter, it could be etched off by the atomic hydrogen, enter the gas phase,
collide with the surface of the substrate, and be redeposited as diamond. Increasing the
concentration of atomic hydrogen might increase the probability of the redeposition reaction thus
increasing the film growth rate. If the carbon is deposited as diamond or as individual carbon
atoms on the diamond surface in the methane area, the increased growth rate might be explained
by an increase in the reactivity of the diamond surface with increased atomic hydrogen flux.
This increased reactivity could be due to several mechanisms; (i) fewer sp 2 defects on the
surface, allowing faster surface diffusion and higher ledge velocities, (ii) a higher surface
diffusion rate due to increased collisions of atomic hydrogen with adsorbed carbon, or (iii) a
higher concentration of surface ledges necessary for growth, due to the roughening of the
diamond surface by atomic hydrogen. These mechanisms need further study to explain the
results.

CONCLUSIONS

By using the novel design of the sequential CVD reactor we have been able to
demonstrate the growth of high quality diamond films by separating a hydrocarbon gas,
methane, and an atomic hydrogen source. By applying differential pumping concepts we have
shown that the cross-contamination between the gases in the four emitters can be minimized to
have a negligible influence on the experiments.

Our results with separated hydrocarbon and atomic hydrogen, produced by hot filament
technique, indicate that high quality diamond films can be grown at hydrocarbon concentrations
as high as 8% methane in a helium carrier gas.

The growth rate is a linear function of the flux of atomic hydrogen for the levels we have
been able to achieve. However, as the competing etching rate starts to increase with higher
atomic hydroguii fluxcAs a tapering off of dh, -ruwth azte iý anticipated.

The most important conclusion we draw from our experiments is the demonstration of
the importance of surface reactions for the formation of diamond films as compared to gas phase
reactions. Although we do not want to preclude the significance of gas phase reactions, we
believe that the crucial reactions occur between atomic hydrogen and carbon containing species
on the growing surface. This is also confirmed by a parallel experiment in our sequential
reactor where the substrate is sequentially exposed to atomic carbon, supplied by sputtering a
graphite target, and atomic hydrogen, resulting in an excellent quality diamond film9 .
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DIAMOND GROWTH FROM SPUTTERED ATOMIC
CARBON AND HYDROGEN GAS.
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ABSTRACT

Diamond thin films were grown on a scratched silicon crystal surface by a novel CVD
technique. The heated substrate, mounted on a rotating platform, was exposed to a
bombardment of sputtered carbon atoms, from a graphite target in a helium plasma, and
subsequently bombarded by atomic hydrogen generated by a hot tungsten filament. The
resulting diamond films were characterized by Raman spectroscopy and SEM. The SEM
images indicate highly faceted diamond crystals and the Raman spectra show a single narrow
peak characteristic of pure diamond with no graphitic component. The effective growth rate is
about 0.5 microns per hour of exposure time. The novel sequential CVD reactor is described
and possible growth mechanisms are discussed.

INTRODUCTION

The wide interest in low pressure CVD diamond films has been prompted by the unique
material properties of diamond. Mixtures of hydrogen and hydrocarbon gases have been used
extensively for synthesis [1-31. Attention has focused on the gas phase precursors involved in
the growth of the diamond film 14,5]. The understanding of nucleation and growth processes
has been impeded by the complex and poorly understood gas phase chemistry. The operating
pressure complicates in situ diagnostics thus impeding direct verification of proposed growth
models 16,71.

In an attempt to understand the diamond deposition process we have constructed a novel
sequential reactor which has four isolated gas sources. The chemistry and excitation of each
source can be independently varied. This permits, for example, an increase in the amount of
atomic hydrogen independent of the amount of carbon incident on the substrate. The substrate
is rotated over the sources, being exposed to each source sequentially. The exposure time to
each source is in the millisecond range shorter than other approaches to alternating chemistry
181. Thus, deposition parameters such as growth rate and film quality can be correlated to
single chemical species and some indication of the importance of certain growth processes
involved is also possible.

We present here the deposition of diamond by a simple chemistry. A scratched silicon
substrate is exposed first to a sputtered flux of atomic carbon from a graphite target in a helium
plasma, and subsequently to a flux of atomic hydrogen, generated by exposing hydrogen to a
hot tungsten filament. Our results indicate that a critical parameter influencing film thickness
(growth rate) and film quality (sp 3 content) is the flux of atomic hydrogen bombarding the
growing surface.

REACTOR DESCRIPTION AND PERFORMANCE.

The basic design of the sequential CVD system is shown in Figure 1. The sources are
mounted in a bell jar which can be evacuated to 2 x 10-7 Torr using a diffusion pump. Four gas
emitter assemblies are available, each one inch in diameter. Cross-contamination between any
two sources can be made arbitrarily small by flowing gases at a high rate, typically several
hundred sccm. The substrate was mounted on a rotating plate facing the gas excitation sources
with a nominal separation distance of 0.5 mm from each gas source. A tungsten heater
filament located behind the rotating plate is responsible for heating the substrate tip to a
temperature of 1300K.

Gases flowing through the sources can be excited by different means, including hot
filament, DC glow, and RF radiation. However, this paper only addresses experiments
involving the excitation of hydrogen gas by hot filament in one emitter, and the sputtering of

Mal. Res. Soc. Symp. Proc. Vol. 242. '1992 Materials Research Society

I



52

Substrate with Heater Rotating

growing film Substrate

Hot Filament] AA Atj Gruite

Target

Top View: H2f

Hot Filament Blank

Substrate Graphite
Target

Rotating
SubstrateS~Plate

Figure 1: Side View and Top View of Sequential CVD reactor.

carbon in another emitter. The hydrogen emitter utilizes a 0.03" diameter tungsten filamrent to
produce atomic hydrogen; the carbon emitter has a graphite electrode which acts as a sputtering
target to produce atomic carbon. Helium is used as the sputtering gas in a DC glow discharge.
The reactor was operated with equal flow rate in the two emitters.

A parameter of interest is the cross-contamination of the sources i.e. the flow ot gas
from one emitter into the active region of another emitter. In order to achieve isolation between
the sources it is imperative that the cross-contamination be reduced to an acceptable level. For
these experiments it should not be able to account for the growth of diamond films. The cross-
contamination can be made arbitrarily small by increasing the gas flow rate through each emitter.
Figure 2 shows the level of cross-contamination of helium in the hydrogen emitter as a function
of the gas flow rate through each emitter, measured under deposition conditions by mass
spectrometer sampling of the hydrogen emitter. The data shows that the cross-contamination
can be made arbitrarily low by increasing the flow rate. The data in Figure 2 were obtained with
a slightly altered geometry as compared to the geometry used for deposition in that the distance
between the rotating plate and the sources was somewhat smaller. We believe that this does not
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Figure 2. The measured level of cross-contamination in the hydrogen emitter under the
following deposition conditions: hydrogen filament temperature 2500 K, substrate temperature

I 100 K, substrate disk rotation at 20() RPM, chamber pressure of 30 Torr, and 200 sccm of
argon flowing through the blank emitters.

affect our experiments.
Using this re-3ctor, high quality diamond films were deposited with 200 sccm of He

flowing through the carbon emitter and 200 sccm of hydrogen in the hot filament emitter. To
illustrate that hydrogen contamination of the carbon source is not responsible for diamond
growth, growth of a film was attempted with the filament in the hydrogen emitter off. The
resulting film was graphitic with no diamond content. Carbon diffusion into the hydrogen
emitter could also account for diamond growth. To evaluate this possibility a separate
experiment was carried out wherein 8 sccm of methane and 192 sccm He flowed through the
helium emitter, with the DC glow discharge turned off, and 200 sccm H2 flowed over a hot
tungstei filament through the opposite emitter. In a standard 10 hour run no film was deposited
despite the total amount of gas phase carbon present being over an order of magnitude higher
than the the total amount of carbon sputtered in other experiments where high quality diamond
films were formed. We therefore conclude that gas phase transport of carbon to the hydrogen
emitter, or hydrogen to the carbon emitter, cannot account for the growth of diamond films.

RESULTS AND DISCUSSION

Carbon films were grown under three separate conditions. The power supplied to the
hydrogen filament was varied resulting in different filament temperature and atomic hydrogen
flux to the substrate. The glow discharge for the carbon emitter was maintained at 550 V and
150 mA for each of these experiments. All the other experimental conditions were held constant
for each experiment. Scratched (100) silicon wafers were used as substrates. Substrate
temperature was held at 1070K (+/- 5%) as measured by a single wavelength optical pyrometer.
The total deposition pressure was 10 Ton- and the substrate was rotated at 200 RPM, resulting
in an effective exposure of 69 minutes to each source for a 10 hour run.

In the first experiment, no power was supplied to the filament in the hydrogen emitter.
A graphitic film was formed on the substrate, as expected. The mass of the film was compared
with the weight loss of the cathode, showing that 22% of the carbon sputtered from the cathode



Figure 3: SEM micrographs and Raman spectra of diamond films deposited under identical
conditions, except that the flux of atomic hydrogen was changed,. Hydrogen filament

temperatures were 2320 K and 2560 K respectively.

was deposited on the substrate. From the measured weight of the film, the total amount of
carbon deposited, in monolayers per exposure, was calculated (see Table 1). In the next twoexperiments the power supplied to the filament in the hydrogen emitter was increased to 445Wand 730W, respectively. The increased power supply results in an increased flux of atomic
hydrogen incident oit the substrate.

Figure 3 shows SEM micrographs and Raman spectra of these two films As can beseen, the increase in the quality of the deposited film at increased atomic hydrogen flux is quite
evident in the improved morphology of the films. The Raman spectrum of the first film shows
a large sp2 

carbon peak at 1550 cmI and a small broad sp
3 

diamond peak at 1332 cm1. The
second film, deposited at a higher hydrogen flux, shows a decreased 1550 cm I peak, a clear
peak at 1332 cm , and a low level of photoluminescence background. The improvement in
film quality with atomic hydrogen is expected since hydrogen has long been known to be alt
etcher of sp2 

defects in diamond films 11-31.
Table I contains the deposition conditicns data for all of the films presented here. Theamount of atomic hydrogen is estimated by assuming that the filament dissipates power by

radiation, conduction, and dissociation of hydrogen molecules. Observing the characteristics ofthe filament in helium instead of hydrogen, the radiative and conductive components can be
measured. and by allowing for tie difference in thermal conductivities of the two gases, the
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TABLE I

Deposition conditions of two samples. The estimated atomic hydrogen flux per atomic site o0l
the surface, per exposure of the substrate to the hydrogen emitter, 1H-, is also included.

Film # Total Carbon Monolayers carbon H2 fil. IHJ . Film Power to H2
Sputtered(mg) per exposure T(K) (est.) Thickness(g) emitter

1 151 0.35 2320 800 .3 445
2 189 0.44 2560 1700 .45 730

power losses excluding hydrogen dissociation can be calculated. To attain the same filament
temperatures reported for the two samples described in Table I with helium present instead of
hydrogen, 260W and 375W were required, respectively. A model which considered radiation
and conduction from the filament geometry in the emitter predicted these powers to within +/-
5%. Using the same model, but with a thermal conductivity appropriate to hydrogen, the power
required to heat the filament to the appropriate temperatures was calculated to be 315W and
440W, respectively. The difference, 130W and 290W respectively, was assumed to be
required to dissociate the hydrogen. It was further assumed that approximately 25% of the
atomic hydrogen is incident on the substrate.

Film thicknesses were determined by cross-sectional SEM. We note that the growth
rate is increasing with atomic hydrogen concentration. This trend matches the results of a
parallel experiment where the carbon was supplied by methane passed over a hot filament 191.

The observed growth of diamond films cannot be accounted for by the cross-
contamination of the sources as explained earlier. Thus we believe the carbon atoms deposited
by the carbon source are converted to the diamond phase in one of the two emitters by one or
more surface reactions. The large hydrogen flux required may be necessary to induce surface
reactions needed to promote sp 3 bonding. The increased thickness with hydrogen flux could be
explained due to an increased roughening of the surface and/or due to an increase in the
diffusion rate of surface species enabling a faster incorporation of these into the growing
diamond film. An alternate mechanism is also possible wherein volatile carbon species are
desorbed from the surface modified in the gas phase and readsorbed onto the growing film.
This possibility can be ruled out if subsequent experiments show that it is possible to grow at
lower pressures since the probability of readsorption would be decreased.

CONCLUSIONS

By using the novel design of the sequential CVD reactor we have demonstrated the
growth of high quality diamond films by sequential exposure to a carbon source of sputtered
graphite, and an atomic hydrogen source, without supplying a hydrocarbon gas.
Experimentally we have verified that the cross-contamination between the gases in the sources
was minimized to have a negligible influence on the experiments.

The growth rate of the deposited films was observed to increase with the flux of atomic
hydrogen. This is in confirmation with a parallel experiment in our sequential reactor where the
substrate is sequentially exposed to carbon, supplied by heating methane, and atomic hydrogen
9J.

Based on this work we propose that the growth of diamond films in the sequential CVD
reactor is primarily governed by surface reactions. The necessity of gas phase precursors can
be precluded unless a complex process is operating wherein surface species are desorbed.
modified in the gas phase and then redeposited.

The role of atomic hydrogen was studied directly by using the process of sequential
CVD. The atomic hydrogen flux was independently varied for a given flux of carbon.
l)iamond content in the deposited films and film quality scaled directly with the amount of
atomic hydrogen in the hydrogen emitter. The increase in growth rate with atomic hydrogen
could be due to an increase in surface roughening and/or due to an increased mobility of stirface
species.
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ABSTRACT

Rudder et al. (1] observed heavy (>109 cm-2 ) diamond
nucleation on unscratched Si wafers overlaid with carbon fibers
during CVD growth. We demonstrate that the nucleation occurs on
the edges of etch pits and carbon-rich particles resulting from
reaction between the fibers and the substrate. Both the etch pits
and the particles satisfy what we consider to be two necessary
conditions for 'spontaneous' nucleation; a carbon-saturated surface
and high energy sites (unsatisfied valencies) at edges and steps.

Introduction
Scratching with diamond or SiC grit increases diamond

nucleation density on many substrates from roughly 104 cm-2 up to 1011
cm-2 (2],[3],(4] but is not useful for heteroepitaxy or
single-crystal growth because the nucleation events and subsequent
crystal growth usually occur randomly with respect to each other.
In this work, we use carbon fibers to increase diamond nucleation
on unscratched Si substrates during growth in a hot-filament
reactor, as has been done previously in an RF reactor [1]. We use
the results to identify and elucidate some of the factors involved
in diamond nucleation.

Experimental:
Samples were prepared by placing carbon fibers directly on Si

substrates for various periods of time in a hot-filament reactor.
Ni, Cu, and Ta substrates were also used for comparison. The
fibers (Aesar, 99.5% pure, 8 Am diameter), were polyacrylonitrile
(PAN) fibers carbonized at high temperature to yield principally
graphitic carbon. The Si was Si(100), n-type, doped with 2x10-17 cm-1

Sb. The fibers were laid across the substrates, sometimes secured
by tabs of metal or other pieces of Si, and appeared to contact the
substrate for much of their length.

The samples were exposed to a hot-filament environment of 1%
CH4 in H2 , at a substrate temperature of 850-925*C, as measured with
a thermocouple attached to the sample mount. The Re filament
temperature was 2150°C, as measured with an optical two-color
pyrometer. The gas flow rate was 100 sccm and the chamber pressure
was 40 Torr. The growth times ranged from 15 minutes to 4 hours.
Si substrates overlaid with carbon fibers were also heated under
vacuum or Ar, or in atomic hydrogen alone at 900°C for 30-240
minutes before growth under standard conditions.

Following growth, the samples were analyzed using optical and
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scanning electron microscopy (SEM), microRaman scattering, and the
scanning Auger microprobe (SAM). Some samples were analyzed and
then reinserted into the reactor for further growth.

Results:
Diamond crystals grew on the substrate in straight lines,

apparently originating at the fiber/substrates junction and were
connected by 50-500 nm debris trails, as seen in Figure la-b. The
facetted particles were confirmed to be diamond on the basis of the
1332 cm-' diamond Raman phonon. Debris trails and diamond crystals
were observed after 15 minutes of growth. Very heavy nucleation
densities (>109 cm"2 , normalized to the trail area) occurred on some
of these trails exposed for >1 hour, so that the crystals formed a
continuous 1-dimensional line. We observed some variability in the
crystal density, which we attribute to poor fiber/substrate contact
or inadequate substrate temperature control. The crystals were
larger (=1 •m) than we have previously observed for such short
growths, indicating early nucleation and/or a high growth rate.
They were also uniformly sized, suggesting simultaneous nucleation
at many points, or self-limiting growth [5).

a) b)

Figure la: Scanning electron micrographs (2kX) of diamond crystals
and trails left after exposing an unscratched Si(100) wafer
overlaid with carbon fibers to hot filament diamond growth for 4
hours; a) magnification=2000x; and b) magnification =6000x.

The debris composing the trails generally consisted of very
fine (<50 nm) particles on top of the Si substrate, however as seen
in Figure 2a, some of the trails were actually 'trenches' composed
of coalesced etch pits in the Si substrate. The diamond crystals
originated on the debris particles or on the trench edges.
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Figure 2: scanning electron micrograph of features on unscratched
Si substrates overlaid with carbon fibers and exposed to the hot
filament diamond growth environment (1% CH 4/H 2 ): a) etch pits formed
under the fibers after 15 minutes (4.5kX); and b) etch pits formed
at 9250C away from the fibers (600x).

Some of the samples which had been exposed for 15 minutes were
examined and then grown on again for an additional three hours
after the carbon fibers were removed. The debris trails from the
initial 15-minute exposure continued to nucleate diamond.

Samples heated under vacuum or Ar had 'fluffy' black carbon
over much of their surfaces, although the fibers occupied only a
narrow area in the sample center. Neither the area directly under
the fibers, nor the rest of the surface had well-defined etch pits
or diamond crystals. The debris trails on samples heated under
atomic hydrogen appeared identical to those on regular samples.

The scanning Auger microprobe (SAM) revealed that the debris
trails and etch pits had elevated C/Si ratios compared to the
surrounding substrate. The C-KLL lineshape was graphitic (6],
with a possible silicon carbide component. The Si-LMM lineshape
contained elemental, oxidized and possibly carbidic contributions.
The high-intensity electron beam altered the carbon lineshape and
reduced the surface oxygen. Only C, Si, and 0 were found in the
trails, with one exception. Auger examination of the carbon fibers
before and after growth revealed no contaminants, indicating that
contaminants were not involved in the nucleation process.

Some samples, inadvertantly heated to >900*C under growth
conditions, developed large numbers of oriented, square etch pits,
seen in Figure 2b. The pits were very rough, with labyrinthine
ledges and pits. The C/Si ratios were elevated in the outer
regions of the pits, similar to the fiber trails, but dropped
towards the center. The Auger lineshapes were stable and carbidic.
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Discussion:
It appears that diamond nucleation occurs on both the etch pit

edges and the small particles of carbon-rich debris regions
directly underlying the fibers. Both satisfy the criteria of
carbon saturation and large numbers of edge sites. Most diamond
crystals originated on debris since etch pits occurred less
frequently on most of the samples.

The nucleation enhancement could be due to either gas phase
nucleation or to reaction of carbon with the substrate to form a
surface nucleation site. We support the latter interpretation
since nucleation continues on the trails even when the fibers are
removed 15 minutes into the growth, and therefore cannot act as a
carbon reservoir or otherwise alter the gas-phase chemistry. It is
unclear whether the carbon reaches the surface via a solid-state
reaction at the fiber/substrate point of contact or is gasified and
transported to the surface. However, the narrowness of the debris
trails is consistent with a direct, solid-state reaction between
the fiber and substrate. Stable carbon species move throughout the
system via diffusion, bouyancy and convection effects, exceeding
the observed 50-500 nm thickness of the debris trails (7].
Under Ar or vacuum the carbon from the fibers vaporized and
redeposited on the substrate, but was apparently not re-evaporated,
possibly due to a temperature difference. A fiber in proximity to
the substrate could partally shield it from the atomic hydrogen
flux and increase the carbon flux from the fiber to the substrate.
Carbon species could be stabilized there and ultimately develop
into carbidic and/or graphitic debris particles and nuclei, while
carbon deposited elsewhere was etched by the atomic hydrogen, as
demonstrated in the SAM results showing a sharp carbon gradient in
the substrate when the fibers are heated under atomic hydrogen
alone. The balance between the carbon flux (whether from a solid
carbon reservoir or the gas phase) and etching by atomic hydrogen
or oxygen probably controls the development of nucleating features.

Nucleation enhancement could also occur if Si gasifies from
the substrate, then re-deposits on the fibers and converts to SiC
particles which nucleate diamond. However, the narrowness of the
crystal lines on the substrate seems to exclude this mechanism.
Furthermore, examination of the fibers after growth revealed
evidence of only low density diamond nucleation.

Yang [8] observed that single crystal Si(001) developed
large numbers of square etch pits when coated with low levels of
carbon and then heated to 950*C or above in vacuum. The square
pits resemble those formed on our Si samples described above,
suggesting a common mechanism responsible for their formation.

CVD diamond nucleation probably occurs in two ways; 1) homo-
or heteronucleation on fragments of the scratching material left
embedded in the substrate (the principal nucleation mechanism on
diamond-scratched Si substrates), or 2) spontaneous formation on
appropriate substrate surface features and defects. Recent HRTEM
micrographs [2] confirm diamond fragment transfer to Si substrates
during ultrasonication in a diamond suspension, and subsequent
growth of the fragments into regularly-facetted diamond crystals
during CVD. However, heavy nucleation can also be initiated by
non-diamond materials under proper conditions, such as controlled
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rubbing of a sapphire stylus across a Si substrate before growth
(9]. Specific stylus-induced damage, especially fine cracks and
sharp, small-diameter Si debris, clearly enhances diamond
nucleation. Such debris possesses two characteristics which we
believe are necessary for spontaneous (i.e. non-epitaxial)
nucleation; 1) a high surface to volume ratio leading to rapid
carbon saturation; and 2) sharp edges with high-energy sites for
bonding and stabilization of nucleating species. The carbon-
saturated zone retards further carbon diffusion into the substrate
bulk, so the substrate surface carbon concentration rises [10].
Diamond nucleation may originate in random, fluctuating
aggregations of carbon on the substrate surface, which survive long
enough to grow by carbon addition into stable nuclei. Such sub-
critical radius nuclei are by definition thermodynamically unstable
(11], especially in the etching diamond growth environment, and
the stability and density of such species might be increased by
higher surface carbon concentrations. In addition, sharp edges and
defects contain unsatisfied valencies (dangling bonds) which could
stabilize nucleating species. Suggested nucleating species include
molecular analogs of the various diamond crystal morphologies
[12],[13], and cyclohexane [14].

Both a carbon-saturated substrate and appropriate surface
features, must simultaneously be present for non-homo-epitaxial
nucleation. Even carbon-saturated surfaces such as single crystal
SiC [15] or basal plane graphite [16] nucleate poorly compared to
diamond-scratched Si or graphite edge planes.

The nucleating high energy sites may not be on the initial
substrate. For example, SiC develops a graphitic carbon layer at
high temperatures due to preferential Si evaporation, and sharp
features on the SiC surface might develop such a layer more rapidly
than bulk SiC. The resulting graphite edge sites could nucleate
directly by providing an appropriate site to stabilize diamond or
could in turn stabilize hydrocarbons or other species which then
nucleate diamond. Other substrates such as Ni [17] and Pt
(18] develop graphitic carbon and hydrocarbon layers prior to
diamond growth. Diamond nucleation may increased when etching by
appropriate levels of atomic hydrogen or oxygen increases the
number of graphite edge sites. However, high levels of oxygen in
the feedgas suppress formation of the graphite and hydrocarbon
layers, and ultimately inhibit diamond nucleation on Pt [19].

Conclusions We have demonstrated dense CVD diamond nucleation on
unscratched substrates overlaid with carbon fibers and exposed to
a hot filament growth environment. The nucleation occurs on etch
pits and SiC debris particles created by reactions between the Si
substrate and the carbon fibers. The results are consistent with
other observations of nucleation on unscratched substrates
exhibiting carbon-saturation and sharp-edged surface features.
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ABSTRACT

The growth of CVD diamond onto iron based substrates is complicated by preferential soot
formation and carbon diffusion into the substrate, leading to poor quality films and poor
adhesion. One strategy to overcome these problems is the use of thin film barrier layers between
the Fe substrate and the growing diamond film. The present investigation reports the growth of
diamond films on Fe substrates coated with thin films of TiN. The effectiveness of the TiN
layers in inhibiting C diffusion into the Fe substrate was investigated by Auger measurements
of the C distribution within the TiN layer, through the interface and into the substrate both
before and aft'er diamond deposition.

The results show that a layer of TiN only 250A thick is sufficient to inhibit soot formation
and C diffusion into the Fe bulk, as well as providing nucleation sites for CVD diamond
growth.

INTRODUCTION

The growth of Chemically Vapour Deposited Diamond on many substrates, including tool
materials (cemented carbide, SiAION, SiC and Tungsten cutting tips) has been extensively
studied in recent times [1-51. Despite this the deposition of diamond on Fe based tools remains
comparatively unreported and is poorly understood. Some authors [6,71 have commented that it
is difficult to grow diamond on Fe. The factors which have been suggested to mitigate against
good quality diamond growth on Fc (as compared to other metals such as Tungsten), are (i) soot
formation on the surface presumably due to the catalytic effect of the Fe substrate, and (ii) the
diffusion of C into the Fe bulk. The latter may also lead to embrittlement of the Fe substrate.

The presence of a suitable barrier layer on the Fe substrate may well overcome some or all of
the above problems. In this study we report the effect of thin TiN layers on the nucleation and
growth of diamond on Fe substrates. TiN was chosen because (i) it is extensively used as a
hard-coating on steel and cemented carbide tools and (ii) it is known to be very effective as a
diffusion barrier 18,91. Herein, we show that the presence of even a very thin film of TiN on the
Fe surface does indeed inhibit soot formation on the surface and the diffusion of C into the Fe
bulk.

EXPERIMENT

The substrates were cut from a piece of magnet iron as plates of dimension 10 x 10 x 0.7
mm . Auger spectroscopy revealed C (:5 at. %) and Si (-12 at. %) as the only impurities to
within the sensitivity of the Auger technique (2 at. % in these samples). The samples were
mechanically polished to a 0.514m diamond paste finish and then ultrasonically cleaned in
acetone and ethanol. Using a TENCOR ALPHASTEP 250 profiler it was found that the typical
surface roughness was -0.31Lm.

Reactive Magnetron Sputtering was used to deposit thin TiN films 250, 500 and 1000A
thick. A mask was used to shield half the specimen from the TiN deposition leaving half of the
sample uncoated. These samples were used to investigate the effect of the TiN as a diffusion
barrier.

For studies of the CVD diamond growth as a function of time, thick (1.4jsm) TiN films were
deposited using a commercial electron beam coating unit. The mask used for these specimens

Mat. Res. Soc. Symp. Proc. Vol. 242. ' 1992 Materials Research Society



64

was slightly displaced from the substrate leading to seepage of the TiN film creating a graded
intcrface of varying thickness of TiN. No CVD diamond growth occurred in the region of the
thick TiN. However, growth did occur in the region of the substrate in which the film thickness
was about 700A; it is growth on this section of the TiN film which is reported herein as the time
series reported in figure 3.

Thc CVD diamond deposition system consists of an Evanson Cavity encasing a 1" vertical
quartz tube containing the reactant gases (methane/hydrogen mix), which are excited using a
frequency of 2.45 GHz 1101. Prior to insertion in the CVD system, TiN coated specimens were
again thoroughly cleaned in acetone and ethanol. The deposition parameters used were Pressure
- 30 Torrn Flow Rate - 100 seem; CH4 /H2 - 1:99 and Temperature - 900°C. For studies of
diamond growth as a function of time, deposition times of 7/2, 15, 30, 60, 120, 240, and 360
minutes were used. Temperature was measured using an optical pyrometer.

Auger Electron Spectroscopy (AES) was used to investigate the near surface region (-20A)
and the composition as a function of depth of the substrates before and after CVD diamond
deposition. The measurements were performed with a Varian Cylindrical Mirror Analyser
(CMA) with a coaxial electron gun. The sputtering was via Argon ion bombardment with an ion
energy of 2keV and a current of 90nA into a spot approximately 100,um in diameter. The Auger
line shape provides clear signatures for different allotropes of carbon 1111 and for carbides.
These signatures have been used to gain qualitative information about the nature of the bonding
in the films. The concentration of an element X was estimated by

lx/Sx

lall elements1 xiS x
where 1 is the peak to peak intensity of the Auger line and S, is the sensitivity factor 1121. The
sensitivity factors used were 0.14, 0.2, 0.34 and 0.29 for C, Fe, Ti and Si respectively. Micro-
Raman spectra were taken using jhe 488nm excitation line of an Argon ion laser with a spot size
of l-2,m and resolution of 6cm"

RESULTS

Figure 1 is an SEM micrograph of the TiN/Fe interface region after 71/2 minutes of CVD
diamond deposition and Figure 2 shows a similar regiorn after 2 hours of growth. In each case
region (a) is the portion of the sample which has been TiN coated (250 A) and region (b) is the
uncoated Fe surface. After only 7½/2 minutes a continuous film has formed on the Fe, whilst
there is no growth on the TiN. The thickness of the film was measured by surface profilometry
to be 0.4 Aim. The material is soft and can be easily scratched by the profilometer stylus at loads
_>9mg. After 2 hours (Fig. 2) particles have formed on both the coated (250A TiN) and

uncoated surfaces, but the particles on the Fe have grown on top of the thick film which has
formed in the first few minutes of growth. Interestingly, the maximum nucleation density on the
TiN coated portion of the sample occurred at the TiN/Fe interface where the TiN is very thin.
This probably suggests that the deposited TiN is causing smoothing of the diamond abraded
surface and the optimum thickness suitable for diamond growth on TiN coated Fe may be less
than the 250A used in the present study. After 6 hours of growth (not shown) the diamond
particles coalesce to form a continuous film on both the TiN and Fe substrates.

Further insight into the evolution of the CVD diamond particles was provided by Auger
spectroscopy. The inset to Figure 3 shows the C(KLL) Auger line shapes for graphite (a),
amorphous carbon (b) and diamond (c). One way of parameterizing these signatures is to extract
the ratio G=1000*(A/B) (see inset, figure 3). The values of G for diamond, amorphous carbon,
glassy carbon and highly oriented pyrolytic graphite are -20+10, 40t 10, 110± 10 and 210± 10
respectively. Hence, the larger G, the larger the graphitic component of the material. Figure 3
plots this G parameter as a function of growth time for both the uncoated and TiN coated
portions of the sample. For the uncoated area there is a clear change in the G parameter after 2
hours of growth which corresponds to the appearance of the small particles shown in Figure 2.
By contrast on TiN there is a dramatic change in the G parameter after only one hour of growth.
The line shape is characteristic of diamond.

Raman spectra (Figure 4) taken after one and two hours of growth are consistent with the
above trends. After one hour there is clear evidence of diamond growth on TiN, whilst the
growth on Fe appears to be graphitic. After two hours diamond particles can be found on both
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Figur 1I SEM micrograph of the (a) TiN
(250A) and (b) Fe interface after 71/2min. of
CVD diamond deposition. The scale-marker
represents 10,um.
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Figure 4 - Micro-Raman Spectra of the
Figure 2 - SEM micrograph of the (a) TiN growth on (a) Fe and (b) TiN (700A) after I
(250A) and (b) Fe interface after 2 hours of hr. of CVD diamond deposition and (c) Fe
CVD diamond deposition. The scale-marker and (d) TiN (500,k) after 2 hours of CVD.
represents 10/m.
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Figure 3 - The G parameter as a function of Deposition Times for Fe and TiN (700,). The inset
shows the line shapes of the three carbon allotropes observed and how the A/B ratio is
measured.
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TiN and Fe. However, it must be noted that the diamond particles on Fe grow on top of a thick
layer of soot. Whilst micro-Raman measurements are spatially selective the Auger
measurements sample both the soot and the particles. Hence the G parameter is somewhat
greater for the deposit on Fe than on TiN.

Figure 5 displays an Auger Depth Sputter Profile of the uncoated Fe substrate after 71/2 min.
CVD deposition time. It shows that a sputter time of 175 minutes is required to obtain the pre-
CVD carbon concentration within the iron (C !55 at. %). The depth of the sputter crater was
estimated by profilometry to be approximately 1/Am. From these measurements it is clear that
there has been considerable diffusion of the carbon into the Fe. Surprisingly, there is up to 30 at
% Fc at the surface, indicating that the soot formation may also involve diffusion of Fe into the
carbon layer.

The inset (a) to figure 5 shows the Auger lineshape of the carbon close to the surface which
is typical of graphitic carbon with the satellite peak at -30eV to the left of the main peak at 272
eV. As the Fe concentration increases deeper into the sample the C(KLL) lineshape (b) shows
evidence of the presence of carbidic carbon (presumably Fe3C) with the emergence of two
more satellite peaks displaced 11 and 19eV to the left of the 272 eV peak. The observed
lineshape however does not appear to be one of pure carbide since it is asymmetric. This
suggests that the layer is a mixture of graphitic and carbidic carbons at this depth. The line
shape becomes increasingly carbidic as one sputters even deeper into the film. However, once
the C level reaches that observed in the virgin Fe samples, the line shape once again appears to
be graphitic.

Figure 6 shows an AES depth profile of the portion of the sample coated with 250A of TiN
on Fe after 7½ min. of CVD diamond deposition. Estimation of the N content of TiN films is
complicated by the overlap of the N(KLL) and Ti(LMM) transitions. Based on the method
described in ref. 1131, we estimated that the TiN'N ratio was about i;.. 1towever, thts procedure
is fraught with errors and for the depth profile we have plotted only the relative Ti, Fe and C
concentrations. The sputter profile shown in Figure 6 is very similar to that obtained from depth
profiling of the TiN layer prior to CVD deposition. In particular there is no increase in the C
concentration underneath the TiN layer following exposure to the CVD plasma. The inset to
Figure 6 shows the line shape of the carbon in the TiN layer, which is characteristic of a carbide
(presumably TiC), which is present both before and after CVD deposition and is presumably
attributable to contamination in the TiN magnetron sputter system. Comparison of Figures 5
and 6 convincingly shows that the TiN has been very effective as a barrier against diffusion of
C into the Fe substrate. Similar results were obtained after 2 hours of CVD deposition.

DISCUSSION

1. Growth on uncoated Fe: In the very early stages of exposure to CVD diamond conditions a
thick film forms on the Fe substrate. This film is graphitic in nature as has been confirmed by
both Raman and Auger measurements. However, despite the fact that the film is of the order of
0.4/m thick after only 7½ minutes of diamond deposition, a considerable amount of Fe is
present on the surface. It is not clear whether this is due to Fc diffusing up through the deposited
layer or due to the formation of a complicated mixture of Fe3 C and graphite. The equilibrium
phase diagram for Fe/C 1141 (which is, of-course, not strictly applicable for the non-equilibrium
conditions present in the microwave plasma) shows the possibility of a mixture of Fe3C and
graphite at 9000C at high carbon concentrations, above 25 at. %. On the other hand, because
our AES analysis is performed at room temperature, we cannot distinguish between carbide
formed at 900°C or upon decomposition of austenite into ferrite and Fe3 C during normal
cooling. Formation of such a mixture, possibly concomitant with swelling, is consistent with
our observations of both carbidic and graphitic carbons in this layer, although the possibility of
diffusion of Fe to the surface cannot be discounted.

After 2 hours of exposure to CVD conditions, diamond particles nucleate and grow upon this
layer, culminating in the formation of continuous films for deposition times in excess of 6
hours. The appearance of the diamond particles after 2 hours of growth suggests that there may
be a critical thickness of graphite necessary to shield the incoming precursor gases from the
catalytic surface effects of the iron. However, another possibility is that the Fe concentration at
the surface is detrimental for diamond growth, and that diamond will only nucleate once the
concentration of Fe has fallen below a certain critical value.
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Figure 5 - Auger Depth Profile of the uncoated Fe suhstratc after 71/2min. CVD deposition time.
The inset shows the two C(KLL) line shapcs observed within the sputter profile ((a) graphitic
and (h) graph itie/earbid ic carbon).
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Figure 6 - Auger Depth Profile of an Fe %ample coated with 250A of TiN after 7'/2min. of CVD
diamond deposition. The inset (a) shows the earbidic nature of the C(KLL) line shape within the
Ti N.
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2. Diffusion of C into Fe: Under the plasma conditions in our CVD apparatus, significant
diffusion ol C into Fe was observed (Ilnam penetration in 7V- min.). However, we note that the
plasnia coiaflifs a very small overall amount of carbon (CH,:H2) = 1:99). This large diffusion
rate despite the low concentration otf C is attributable to plasma enhancement of diffusion as
has also been obs~erved in the case of DC plasma immersion of steels in methane 1151.

3. TiN as a diffusion barrier: In the absence of any TiN coating C diffuses deep into the Fe
substrate. The presence of even a thin layer of -150A of TiN is remarkably effective at inhibiting
this diffusion, nd nit increase in the C concentration in the Fe is observed following exposure
to the C VD plasma. At present, the combined effect of the nucleation density and deposition
time ytied only individual particles. Henrce, no qualitative assessment of the diamond adhesion
to thi TiN can be made at this time. The increase in nucleattion density close to the TiN/Fe
interface indicates that the optimum thickness of TiN for diamond deposition may be even
thinner than 2501A.

CONCLUSION

The grossh of i CVD diamontid on Fe in a microwave plasma is complicated by the formaition
(if a thick grjtphnitc film irn the surface during the first few minutes of exposure to the plasma.
Durin~g ibis time considerable diffusion of C into the Fe substrate occurs. A thin coating of TiN
(250(A) on the Fe was Ittund to inhi'it the formation of the graphitic layer and prevent C
diflustion into the Fe. For longer depositiona times (a-2 hours) diamond nucleates and grows tin
botth the TiN and on this thick graphitic layer. The results shiow thiat TiN is very effective ats a
diffusitin batrrier tor diamond depoisition on Fe. is well its a surface upon whic good quality
dita~mond will nuicleate tand u~ro,w.
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ABSTRACT :

Diamond crystals have been selectively grown on the apex of anisotropicalty chemically etched

silicon pyramids. A novel process sequence is developed W*hich exposes patterned sharp apex of silicon

pyramids surrounded by thermoally grown silicon dioxide to a high pressure microwave plasma-assisted

chemical vapor deposition (HPIqACVI)) process where the reactant feed gases are methane and hydrogen.

limueation rate of diamond is very high on the sharp edge of a silicon mesa structure or an apex of a

silicon pyramid as anticipated. Selective growth of diamond particles on the apex of silicon pyramids
fabricated using various approaches were analyzed by scanning electron microscopy.

INTRODUCTION:

Mirror-smooth finished silicon surfaces have a very tow nucleation den, ;ty f3r diamond growth.

Scratching or damaging the silicon surfaces using a diamond paste has subs•tantially enhanced the nucleatioc

density of diamond growth by several orders of magnitude 11-31. lirabayashi eL. al., have treated the
damaged silicon surface with Ar* ion beams prior to the diamond growth studies to achieve th- selective

diamond growth 14]. Ar÷ ion beam scanning over the damaged silicon surface has minimized the scratch
density by rounding off the sharp edges of damage performed by ultrasonic agitation in ethyl atcohoW

solvent containing diamond particles. Our work resulted selective diamond growth over silicon surface by

using thermal oxidation of damaged sil icon surface using a silicon nitride mask to minimize the sharp edges

by rounding off in the undesired (oxide grown) diamond growth areas 15-7]. Do the above observations

indicate that the sharp edges are active sites or very low free energy sites for nucleation of diamond

growth ? We have considered the above results as a guideline and assumed the apex of anisot-opicaltly
etched silicon pyramids as a nucleation site for diamond growth. If an apex of a pyramid is a nucleation

site for diamond growth it should in principle have a high growth rate. Figure la is a scanning electron

micrograph of diamond particles grown on chemically etched si l icon mesa structure (diamond deposition time:

-5.75 hrs). It is vivid from the micrograph that the diamond tend to nucleate on the .harp edge of a
silicon mesa. The apparent area of the sharp edge is considerably smaller than the apparent flat surface

area of the silicon in the micrograph. But, approximately 50/ of the diamond nucleation has occurred on

the sharp edge irrespective of the lower area ratio. Figure lb shows an SEM of diamond particles grown

on an inverted silicon mesa structure, It is clear from the micrograph that the diamond nuccleation is

minisoum on the sharp edges in an inverted mesa and this could be due to minismum flux density of reactants.

This paper delineates the process flow step% to grow diamond particles selectively on the apices of

anisotropicatly etched silicon pyramids fabricated with and withowt diamond paste treatment prior to the

fabrication of pyramids to substantiate the idea of a tendency of diamond rncteation on the sharp edges.

EXPERIMENTAL DETAILS:

A coemmercially available high pressure microwave plasma-assisted (NPMA) chemical vapor deposition

(CVO) system (ASTEX, Inc., Cambridge, MA) was used in our experiments to grow diamond crystals. The

typical deposition parameters were as follows: substrate temperature = 900-950
0

C, methane flow rate = 3.6

SCCM, hydrogen flow rate - 500 SCCM, deposition pressure - 45 Torr, forward power - 1200 watts, and

reflected power - 040 watts. The schematic diagram and the process details on diamond deposition are

described elsewhere (5-7].

Silicon wafers were processed using the following procedures to obtain selective growth of diamond

crystals on the apex of silicon pyramids.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Silico

Figure 1. Scanning electron micrographs of the diamond particles
grown on a (a) vertical mesa and (b) an inverted mesa structures
of silicon.



71

(a). Starting substrates were p- or n-type mirror-smooth finished sii ican wafers with a resistivity

of . 20 0-cm. Silicon wafers were chemicatty cleaned and thermally oxidized using pyrogenic steam at

1000
0
C for 10 hrs to a silicon dioxide thickness of 1.1 ± 0.1 gm. The silicon dioxide was then patterned

with a positive mask of 60 gin side squares using conventional photolithography. The sample was hard baked

with photoresist and the silicon dioxide was chemically etched in buffered oxide etch (1 part HF - 6 parts

NYF) solution. The silicon was anisotropicalLy etched in a solution of KOM - H2 0 (2:1) at 60-70
0

C until

(30-50 minutes) the silicon cioxide mask squares fall off to eventually form silicon pyramids by

undercutting 181. Figure 2a shows a scanning electron micrograph of the typical morphology of the

fabricated siticon pyramids. Figure 2b is a magnified view of sane pyramids in figure 2a (apex diameter:

-2 tm). some of the pyramids were fabricated by etching the silicon dioxide mask just before the masks

tip-off from the substrate (Fig. 2c) using a buffered oxide etch to achieve flat apex and scr:tch free

pyramids. Figure 2d shows scanning electron micrograph of the typical morphology of a silicon pyramids

rabricated after etching the oxide mask (apex diameter: -10-12 pa).

(b). Starting substrates were p- or n-type mirror-smooth finished silicon wafers with a

resistivity of s 20 a-cm. Silicon wafers were manually scratched on one side using a diamond paste

consisting of 0.25 gm mean particle size. The wafer was then chemically cleaned and the silicon nitride

was deposited by tow pressure chemical vapor deposition (LPCVO) using dichtorosilane and ammonia at 800°C

to a thickness of 0.16 gm. The silicon nitride was then photolithographicalty patterned using a positive

mask of 60 pam side squares and plasma etched in a SF6 . 02 (7:1) mixture of gases and the photoresist was

then removed with acetone. Silicon was anisotropicalty etched in a KON - M20 (2:1) solution at 60-70
0
C

for 30 - 50 minutes 18]. Undercutting of the siticon nitride was monitored closely and the etching of

silicon was stopped just before the silicon nitride squares tip off from the apex of silicon pyramids.

The typical morphology of the silicon pyramid with a silicon nitride mask by scanning electron micrograph

is as shown in fig. 2c. The etched silicon wafer was carefully chemically cleaned and thermatty oxidized

in a pyrogenic steam at 1000
0
C for 10 hrs to form a silicon dioxide thickness of 1.1 s 0.1 gm. The wafer

was then immersed in buffered oxide etch for 60 sec to remove a thin layer of oxide formed on the silicon

nitride mask. The silicon nitride was then chemically completely etched in hot (-180
0

0) phosphoric acid.

Finally, the wafer was cooled to room temperature, washed with running Dl water, rinsed with acetone, and

nitrogen dried. The typical morphology of the silicon pyramids fabricated is shown in the fig. 2e by SEN.

This approach clearly yields the nucleation site or scratched site and/or an activation site for diamond

growth which is, apparently, the apex of anisotropically etched silicon pyramid and the remaining area is

oxidized to hinder the growth of diamond. Surface damage or scratching can in fact may be seen on an apex

of 1,2, and 3 Labeled pyramids in scanning electron micrograph of fig. 2e and also a pyramid (#4) with a

sharp apex. Process description for selective growth of diamond on the apex of silicon pyramid is shown

in fig. 3 to supplement the above details.

RESULTS and DISCUSSION:

Figure 4a, b, and c show the scanning electron micrographs of diamond grown on the apex of the

silicon pyramids shown in fig. 2a fabricated using the procedure delineated in the process (a). Figure

4b is the magnification of a few pyramids in figure 4a. Figure 4c is the magnification of a single pyramid

in figure 4a ar1 also the zooming of the apex of the same pyramid is shown in figure 4c. Diamond

deposition time was -5.75 hours. These micrographs show that the diamond is nut only grown on the apex

of the pyramids but also in the other area. Nucleation density is apparently high on the apex when

compared with the other area of the pyramid or the o'her surface of the silicon substrate. Zooming of the

apex in figure 4c clearly denotes the high nucleation rate of diamond particles on the apex of the

pyramids. One may even closely observe the high nucleation rate of diamond particles on all the apexes

in figure 4a and b. The substrate was not damaged with diamond paste prior to the fabrication of pyramids

to eliminate the doubt of residual diamond particles. Therefore, this suggests that the sharp edges are

still activation sites for diamond nucleation and this observation Is in accordance with results recently

reported in 19,101.

Figure 4d is a scanning electron micrograph of the diamond particles grown on the flat apex of

silicon pyramids fabricated using the process (a). High nucleation rate of diamond particles is still

present on the apex and also several particles on the undesired area (diamond deposition time: -3.5 hrc).

Edge of the flat apex of silicon pyramid still retains high diamond rncleation rate with several particles
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Figure 2. Scanning electron micrographs of (a) silicon pyramids,

(b) magnified apexes, (c) silicon nitride or silicon dioxide
mask, (d) apex after etching the mask, (e) patterned Si apex
surrounded by oxide.
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Polished silicon substrate

Scratched or unscratched Si surface

Grow silicon nitride (Si3N4)

LMMM ______ Pattern and plasma etch Si3N4

" - Anisotropic silicon etching

S-Oxidize Si thermally to form silicon
dioxide (Si02)

S_ _Etch Si3N4 in phosphoric acid

AASelective deposition of polycrystalline
diamond particles on apex of silicon
pyramid

Figure 3. Schematic diagram of process flow steps for the
selective growth of diamond crystals on the apex of
anisotropically etched silicon pyramids.
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Figure 4. Scanning electron micrographs of diamond growth on (a)
sharp silicon pyramids, (b) magnified view of (a) , Cc) magnified
view of single pyramid in (a) and also zooming of an apex of
pyramid in (c), (d) growth of diamond on flat apex of silicon
pyramids, and (a) a magnified view of single pyramid in (d).
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and that may clearly be seen in the magnified view of a single pyramid show in fig. 4e by SEN. Process

(a) did yield the high diamond nucleation on the apex of silicon pyramids and also sam deposits in the

undesired areas. To avoid the problem of growth on undesired areas we employed the process (b). Figure

5 is a scanning electron micrograph of selectively grown diamond crystals only on the apex of

anisotropically etched silicon pyramids (deposition time: -2 hrs). Figure 5b is magnified view of the

diamond particles on an apex of a single pyramid tIl]. This result suggests that the oxidation has

suppressed the growth of diamond in the undesired area as we observed earlier C5-71. Furthermore, optical

observation showed that the chemically etched silicon has higher nucleation density than the mirror-smooth

finished silicon surface but Lower than the apex of a silicon pyramid or sharp edges of silicon mess

structures. Scratching is eliminated in the process (b) to test whether diamond can selectiveLy be grown

on the apex of a silicon pyramid. Deposition time was increased in order to grow diamand only on the apex

of silicon pyramid.

Diamond is harder and more wear resistant than silicon. A sharper tip my be produced using the

above delineated selective growth of diamalo crystal on a, apex of a silicon pyramid. The tip of the bare

silicon pyramid is softer than the diamond crystal grown on the apex of a silicon pyramid. Achesive

strength of diamond particles to the apex of the silicon pyramid may be enhanced by fabricating flat

apexes. Diamond grown on silicon pyramids may have use as scanning tunnaeling microscopy tips, electrical

probe tips (doped-diamond crystals) 17,121, for micro indentation, etc.

in summry, a process flow is developed to grow diamond crystals selectively only on the apex of

anisotropicatly chemically etched silicon pyramids using either silicon nitride or silicon dioxide Layers.

We have made an experimentat observation that the sharp edges of a mesa structure fabricated on a silicon

surface or an apex of a silicon pyramids fabricated using a scratched silicon substrate with diamond paste

or unscratched substrate yielded a high diamond nucleation. Unscratched silicon substrates do not have

any residual diamond particles to act as nucleation sites for diamond growth, but could still result

diamond nucleation based on a sharp apex of a silicon pyramid. Our observations support the mechanism such

as high diamond nucleation on the surface texture with sharp points or edges etc. Furthermore, evaluation

of nucleation density of diamond growth on various fabricated surface textures of silicon is under

progress.
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EFFECT OF LASER IRRADIATION ON CARBON-IMPLANTED COPPER
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ABSTRACT

We hay., analyzed the non-equilibrium thermal effects of pulsed nanosecond lasers on
carbon-implanted copper substrates. The thermal effects of pulsed nanosecond lasers were
simulated by numerically solving the heat flow equation and taking into account the phase
changes which occur at the surface of the irradiated solid. Intense pulsed laser irradiation induces
rapid heating at the near surface resulting in melting, followed by rapid quenching of the melt
phase. The effect of laser variables (energy density, etc.) on the maximum melt depth, melt-in
and solidification velocities and transient temperature profiles have been computed. Maximum
melt depths and the surface temperatures were fo,,nd to increase approximately in a linear manner
with pulse energy density. Extremely high average solidification velocities (20-45 m/sec) were
calculated which may give rise to solute trapping and other non-equilibrium segregation effects.
The change in laser-irradiated characteristics of copper substrates as a result of carbon-ion
implantation is also discussed.

INTRODUCTION
Pulsed laser irradiation provides a unique method for near surface modification, in which

surface layers can be rapidly heated and melted, kept in the molten state for short times and
rapidly solidified to preserve desired microstructures[ 1-51. A recent report by Narayan et. al. [Il
shows that pulsed laser irradiation on carbon-implanted copper substrates can lead to formation
of the metastable diamond phase in the near surface regions. It has been shown that during the
molten state, dopant can redistribute itself much more rapidly because the diffusivity of the
dopant is many orders of magnitude higher in the liquid phase compared to the solid phase f5j.
The segregation coefficient under non-equilibrium conditions depends on the type of impurity
(substitutional or interstitial), solidification velocity and the orientation of the substrate. Thus, it
is extremely important to understand and determine the non-equilibrium parameters and transient
interface velocities and temperatures existing during the laser interaction process. The
nanosecond time scales encountered in the laser-solid interaction process makes it very difficult
to experimentally determine the transient thermal effects. Theoretical techniques, based on
numerical calculations, have been adopted to predict the effects of lasers on solids. In this paper.
we analyze and compute the effects of laser variables (energy density, etc) on the maximum melt
depths, melt-in and solidification velocities of carbon-doped copper substrates.[6i

THEORY
The heating and melting effects of pulsed laser irradiation on materials constitute a three

dimensional heat flow problem [2-41. However in nanosecond laser processing regimes, the
short thermal diffusion distances and the large dimensions of the laser beam limit the thermal
gradients parallel to the surface to many orders of magnitude less than the thermal gradients
perpendicular to the surface, thus essentially making it a one-dimensional heat flow problem.
Although the heat flow is one dimensional in nature, the presence of a moving solid-liquid
interface, temperature dependent thermal and optical properties of the irradiated solid, and time
dependent laser pulse energy make the exact solutions extremely difficult. Thus, numerical
techniques like finite difference methods have to be applied to obtain satisfactory results. In this
problem we have employed a very rapid and accurate implicit finite difference scheme, SLIM
(Simulation of Laser Interaction with Materials), developed by Singh et. al 171 to determine the
thermal history of the targets after intense laser irradiation. This method is based upon a higher
order finite difference calculation and is not restricted by any stability criterion, thereby allowing
faster convergence to the exact solution 181. The temperature dependent optical and thermal
properties as well as the temporal variation in the laser intensity can be taken into accoun, in this
formulation. Finite difference equations have been set-up for accurate determination of

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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temperature gradients at the interface which control melt-in and solidification velocities.
The temperature at any point inside the substrate T(x,t) during laser irradiation is controlled

by the heat flow equation given by

P (T) Cp (T)-F_ = •-K(T? + (l-R(T)) Io (t) ox(T) e XIT)x

where x refers to the direction perpendicular to the plane of the substrate, and t refers to the time.
The terms p(T) and Cp(T) refer to the temperature dependent density and heat capacity per unit

mass of the material. R(T) and a (T) are the reflectivity and absorption coefficient of the target.
The time dependent laser intensity striking the surface lo(t), is dictated by the energy density,
duration and the shape of the laser pulse. The velocity of the planar liquid-solid interface is
determined by energy balance consideration which is expressed as

dS

where Ks and K1 are the thermal conductivities of solid and liquid copper at the interface,

respectively, L is the latent heat of fusion, and dS/dt is the velocity of the melt interface.
Figure 1 (a) and (b) show the thermal conductivity and specific heat capacity values of pure

copper as a function of temperature. Copper possesses a very high thermal conductivity which
decreases steadily with increasing temperature, followed by a sharp decrease upon melting of the
material. The specific heat capacity per unit volume increases with increasing temperature and has
been assumed to be a constant in the liquid phase. It is expected that the thermal properties of
copper will change due to carbon ion implantation, especially near the projected range, Rp, (600-

800 A from the surface) of carbon ions. However, as a first approximation we have assumed that
the properties of carbon-doped copper substrates are independent of the implantation process.
Even if this approximation is not fiflly valid, the calculated thermal effects are expected to be
similar except shift in the absolute energy density scales. It must however be noted that the high-
dose ion implantation of carbon may induce formation of high melting point graphitic phase in
the vicinity of Rp. This may lead the formation and propagation of two melting interfaces: one
initiating from the surface and terminating near Rp, and other initiating at the vicinity of Rp and
propagauidg into the bulk cf the substrate. Another possibility is the decrease in thermal
conductivity of the implanted layer which can substantially increase the surface temperatures
during melting of the material. The input data used in the calculations has been listed elsewhere.
(61.The high frequency of the excimer laser (XeCI, KrF, and ArF) photons allow excellent
coupling of the laser energy with solid copper. However upon melting, liquid metals display a
sudden increase in the reflectivities. We have assumed a value of 0.73 for liquid reflectivity of
copper for our calculations

RESULTS AND DISCUSSION

Fig. 2 shows the melt depth of copper as a function of time after laser irradiation with 30
nanosecond pulses having energy densities between 2.5 and 4.5 J/cm2 .The maximum melt depth
occurs approximately at the end of the laser pulse. After the termination of the laser pulse, the
melt front recedes back to the surface as some heat energy is dissipated into the bulk of the
material. The slope of the curves gives the value of the melt-in and the solidification velocities.
The maximum melt depth increases with energy density and changes from 2200A at at 2.5 J/cm 2

to 8800A at 4.5 J/cm 2 . Maximum melt depths are both a function of pulse duration and energy
density and increase approximately linearly with energy density.

Another important aspect of understanding the nature of laser-soli.. interactions is the
transient temperature profiles during intense laser irradiation of the substrate. Fig. 3 shows the
transient surface temperature as a function of time for copper substrates irradiated with 30
nanosecond excimer laser pulses with energy densities corresponding to 2.5, 3.5 and 4.5 J/cm 2 ,
respectively. The fig-, --e shows that the surface temperature rises rapidly until it reaches the
melting point of the material, where it pauses momentarily due to reduced coupling of the laser
energy. The rise in liquid phase temperature is slower than the solid phase temperature rise,
because a part of the laser energy is absorbed as latent heat. On cooling, the surface temperature

L_
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drops to the melting point and remains there until the melt interface recedes to the surface. The

maximum surface temperature increases from 1550 K at 2.5 J/cm 2 to 2500 K at 4.5 J/cm 2 .
Much higher surface temperatures can be induced in the near surface regions if the thermal
conductivity of the near-surface is reduced by ion implantation.

The solidification velocity is another important parameter that can be controlled by varying
the laser parameters. Fig. 4 shows the transient solidification velocity for copper substrates
irradiated with 30 nanosecond lasers pulses with energy densities corresponding to 2.5, 3.0,
3.5, 4.0 and 4.5 J/cm 2 , respectively. Solidification during laser irradiation takes place via rapid
quenching and dissipation of the heat by the bulk. As the liquid gradients become negligible
after the termination of the laser pulse, solidification velocities attain a maximum value which
decreases very slowly with time. The very high thermal conductivities of solid copper phases is
responsible for the extremely high maximum transient interface velocities which are in the range
of 40 to 50 metres per second. It has been shown that.the average solidification velocity does
not vary strongly with energy density but is strongly affected by the duration of the laser pulse.
If the pulse duration of the laser is increased from 15 to 50 nanoseconds, the average
solidification values decreases from 40 to 25 meters per second. The extremely high
solidification velocities may lead to stabilization of metastable phases.

All the ca'culaiouns ,huwi, above are based on properties of pure copper. As mentioned
earlier, the properties of copper, especially near the surface regions may change drastically with
carbon implantation. Graphite may be present in a crystalline or an amorphous state. It is well
known that melting points of amorphous materials are depressed in the amorphous state I 1 .
Another possible change induced by the implantation process is the lowering of thermal
conductivity of the material. The decrease in thermal conductivity of copper will depend on the
defect density in the surface layer. To understand the effect of reduced thermal conductivity, we
have simulated laser irradiation of copper whose thermal conductivity at the near surface regions
has been reduced by a factor of two. Fig 5 shows the maximum surface temperature induced on
copper possessing half the thermal conductivity of the pure material. These films were irradiated
with 30 nanosecond laser pulses. For comparison, values obtained from irradiation of pure
copper substrates have also been shown. It is clearly seen that for a constant energy density,
much higher surface temperature value are attained when surface regions have lower thermal
conductivity. Maximum surface temperatures can be as high as 3500 -4000 K on the copper
surface. At these temperatures, transformation of graphite may be possible. However, more
experimental information is required to fully understand this pher.omona.

In conclusion, the laser induced thermal effects on carbon-doped copper substrates have
been modelled. The melt depths and the surface temperatures scale approximately linearly with
energy density. Very high solidification velocities are induced after intense nanosecond laser
irradiation of carbon-doped copper substrates Non-equilibrium laser melting and solidification,
thus provides very high temperature and extremely rapid solidification velocities which may
produce important transformation effects. .However, more experimental information is presently
required to fully model the effect of pulsed laser irradiation on carbon-implanted copper
substrates.
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DIAMOND AS A MATERIAL IN SOLID STATE ELECTRONICS

Victor S.Vavilov
P.N.Lebedev Institute of Physics, USSR,l17924, Leninsky
Prospect 53, Moscow, USSR

1. Abstract
Present state of the work devoted to the control of

properties of diamond is analyzed, with emphasis on the
results obtained in USSR, including the data on ion
implantation and several types of devices. Future
possibilities of the work with single crystals, films and
diamond ceramics are discussed and typical difficulties
indicated.

2. Introduction. I shall mainly speak about the work done in
USSR; as the research of diamond is international, it is most
proper to mention the fundamental book edited by Field [11; 1
shall abstain from repeating our results discussed earlier
[21. Several authors have compared the properties of diamond
to those of other wide band gap semiconductors [3,4,5].
Optimistic picture shown in Fig. 1 represents, of course,
ideal material, far above real objects at the disposal of an
experimenter or technologist. Only best natural crystals (very
rare) and best synthetic ones, grown, for instance by G.E. [1]
are in some respects, near to it. So, diamond remained exotic
for many years. Recently, due to the development of diamond
films deposition processes in USSR, Japan, USA, UK and other
countries, the attitude towards diamond is changing rapidly.
Future work on diamond films can go on only on the basis of
present knowledge, including highly developed theory [1] and
experimental data obtained on natural and synthetic bulk
crystals. In mid-fifties, in USSR Vereschagin developed the
technique of producing large quantities of small industrial
crystals. At present much larger single crystals are grown in
Moscow and Kiev (3]. Epitaxial films on single crystal
substrate, including boron-doped semiconductivity ones, were
also grown (6],[2]. At present, most papers describe
polycrystalline diamond films (7]. The atomic C-H-O phase
diagram presented by Bachmann in [7] systematizes the results
given in 70 publications describing low pressure CVD
techniques of diamond deposition. In Fig. 2, main features of
various types of diamond as a material are presented.

3. The doping of diamond. Doping of man-made single crystals
by boron has been repeatedly reported (1.8.9). The authors
working in Kiev have grown boron-doped crystals of various
sizes (10]. Small cubic crystals of uniform dimensions were
successfully used as thermistors. The authors of [111, who
also obtained p-type crystals, have reported on N-type
crystals doped by phosphorus. The depth of the donor levels,
as well as data on electrons' mobility have not been
indicated. According to the calculations of Bernholz & oth
(121, P atoms should be shallow donors hut their equilibrium

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Fig. 2 Diamond in its present various forms as a material for
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solubility must be very small. It is well known that atomic

nitrogen is a deep down in diamond and does not supplv free
electrons [131. No positive results of impurities'
introduction by thermal diffusion into diamond are known to
me. There exists, in principle, a possibility of transmutation
dying of diamond, as (7,n) reaction produces B nuclei from
C-; no published data are at my disposal.

4. Ion implantation into diamond. Long ago we obtained
indirect evidence that natural insulating diamond exhibits
electron conductivity after bombardment by 40 keV C÷ ions
[14]. In 1982, Prins produced N-type regions in
transistor-type structures on natural P-type diamond [151.
According to our data, conductivity disappeared after
annealing at 700-800 0C.

At present, we use systematically a 350 keV HVEE accelerator
for our work; the ranges of ions and their straggling were
calculated for random orientation with an error of +10%. We
were involved in experiments of typically semiconductor
physics aims; besides (1], we often used the data analyzed in
a book edited in 1986 in USSR (161. As one knows, diamond
constitutes a metastable form of carbon and can amorphize or
graphitize (graphite is stable) . Fortunately, we found that
for ion fluxes below certain limit, the diamond lattice
recovers after annealing in vacuum. The maximum flux depends
on the mass of that ion and the temperature of crystal. In a
special case of sit ions implantation at large fluxes, cubic
SiC is produced [181.

Implantation of B÷ ions. Boron is a most appropriate
"shallow" (Ev -0.37 eV) acceptor dopant in diamond. Most of
the implanted atoms occupy substitutional sits. The depth of
penetration of the unchanneled ions for energies in the range
up to 350 keV is large enough; recently, on the initiative of
A.M.Zaitsev, a series of experiments was conducted with much
higher energies, over 1 MeV 119]. In this case, buries layers
of semiconducting diamond can be formed. By using a programmed
implantation exposure, one can increase the concentration of
boron acceptors near the surface, thus forming a pp' junction;
p regions are metallized without difficulty and ohmic contacts
to p-type regions present no problem now.

5. The technique of analysis of the geometry of impurity
distribution. The most direct method is, of course, secondary
ions mass spectrometry (SIMS), which is systematically used by
us for the boron-implanted and other samples, in the cases
where impurity concentration was high enough. Some of the
results were presented in [13], and I shall mention recent
data later, when Li donors shall be discussed.

Other methods, including, of course, Hall effect and
conductivity measurements, are often based on the analysis of
cathodoluminescence (CL) spectra, which is typical for a wide
field of experiments with ion-implanted crystals 120], (21].

Due to the large band gap of diamond (5,48 eV) CL was used
by us; I have not seen yet publications, including
photoluminescence data obtained for band-to band excitation of
diamond. Besides the possibility of local excitation by
focused electron beam, the depth of electrons' penetration can
be easily changed, as it is a function of their energy. As it
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was mentioned above, the volume and area of electron spot near
the surface of the sample can be made very small t19,201.

6. The possibilities and limitations of luminescence spectra
studies. Luminescence data contribute to the studies of ion
implantation problems; on the other hand, implantation,
regarded as a method of doping, permits to, introduce into a
solid (in our case, diamond) a wide variety of impurities
[21], [221. As one can see, for instance, in Fig. 3, the CL
spectra, observed in a convenient region of photon energies,
show narrow "zero-phonon" lint q and related "Phonon ladders".
Many narrow lines observed in unimplanted natural diamond were
analyzed and interpreted, for instance, by Clark and Mitchell
in UK [1); their work has an exceptional value for those who
work now on ion-implanted crystals. However, narrow lines
correspond to so called "in the center" transitions, when the
photon is estimated as a result of the relaxation of the
system of strongly localized states [231. Thus, these
transitions do not include allowed bands of diamond and one
has to use additional evidence, such as the changes of spectra
after annealing to obtain results important for semiconductor
physics. Of course, the studies of CL are very far from
completion; one of the examples which seems to be worth
mentioning is a non-trivial fact that free vacancies, which
produce the well known GRI narrow line at 741 nm, are
generated as a result of irradiation by rather low energy
electrons (6 - 10 keV) (241. This range of energies is very
much below the threshold of impact point defects' generation,
which was estimated by palmer [25] to be near to 200 keY. At
present, one cannot decide whether the vacancy is detached
from some complex, or some mechanism in the electronic
sub-system is leading to Frenkel pair generation [261.
According to the interpretation of my colleagues in Minsk,
based on the anatysis of +narrow lines in CL spectra of diamond
implanted by He and Ne ions, the atoms of these elements
exhibit chemical activity due to extremely high hydrostatic
pressure of the order of 106 bar in dense surrounding of
carbon atoms in diamond lattice [27].

Besides narrow spectral lines, both CL spectra and
luminescence spectra of structures on diamond including P-N
junctions or Schottky barriers, broader bands of intensive
electroluminescence were observed by E.A.Konorova,
V.F.Sergienko & oth, with the extrinsic quantum yield about 4%
(13]. Maximum intensity corresponded to the blue-green region,
thus, band to impurity transition.

7. Lithium as a donor in ion-implanted diamond. Those who
are involved in the development of semiconductor devices know
that both in Ge and Si, Li behaves as a highly mobile
interstitial impurity and is a very shallow donor. Long time
before modern technique of calculations of atoms' migration
and their energy spectrum was developed, we began
experimenting with lithium-implanted natural diamond crystals.
At present, the main facts are as follows:

1. The mobility of implanted Li atoms due to their diffusion
is many orders of magnitude lower than in Si and Ge, but
diffusion has been observed after annealing at temperature
over 1000 0 C.
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Fig. 3
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Fig. 3 Cathodoluminescence spectra of natural diamond
implanted with several impurities.
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2. The maximum concentration of electrons in the conduction
band is observed in a layer lying deeper in the sample than
the maximum of Li atoms' distribution. This was observed
directly by (n, 7) reaction method [28].

3. Lithium implantation results in generation of shallow
(Ec-0.1) ev donors. Electro 2 sin thq conduction band have high
mobility (about 1000 cm v sec ) (13,291. These facts
correspond to recent calculations by Bernholz and oth [12].

4. The "average efficiency "of Li as a donor is much smaller
than that of B atoms as acceptors. Thus it was suggested (131
that the majority of Li atoms can occupy substitutional sites
where they are inactive electrically.

Phosphorus as a donor. We have rported on rectifying
junctions produced by implantation of P ions [2]. Experiments
in this direction were not continued; there is some evidence
that diamond film grown from plasma in presence of P 205 have
shown electron conductivItyi th- Hall mobility reported by the

author was near to 50 cm v sec [30].

8. Some applications of Diamond in Electronics.
a) Diamond heat sinks: Their advantages and importance were

recognized early enough (1]. At present they are produced both
from natural and synthetic crystals in many places including
Moscow and Kiev [3,4]. The stage of diamond films' technology
when these films shall simultaneously have high heat
conductivity, stability and good adhesion on suitable
substrates will be, most probably, a crucial step, but it may
require several years of hard work. A simple and dependable
method of direct determination of heat conductivity was
developed by Zezin Soth in Moscow [31].

b) Diamond particle counters and dosimeters w're developed
in P.N.Lebedev Institute by E.A.Konorova and S.F.Kozlov [321.
The authors of (32] used injecting contacts produced by ion
implantation, and at present there is a series production of
diamond counters and dosimeters in Riga [33].

c) There were several cases when transistor action was
achieved in diamond structures of various geometry. Besides
[15] and a useful discussion in a review by Kvaskov and
Tkachenko [34], according to my opinion, the results,
published recently by Melnikov, Zaitzev and oth, deserve
attention [35]. Using standard photolitography technique, they
have produced matrixes of inpolar field effects transistors on
natural diamond samples.

d) Other types of electronics devices: Already in 1979,
A.Tager published well founded estimates showing that diamond
is, in principle, an excellent material for JMPATT's
(avalanche diodes) [36]. Later, a group in P.N.Lebedev
Institute by using ion milling technique and ion implantation
has prepared a series of Read-type diodes, some of which had
typical avalanche-type V-J characteristics.

e) Diamond containing ceramics. According to a recent
publication by Rotner brothers [37], diamond ceramics,
produced by baking pellets made of small inexpensive crystals
at a pressure of 7-8 GPa and a temperature of 2000*C, a dense
material having high electric resistivity is produced. After
illumination of the surface of ceramics by sharply focused
intense laser beam, very stable conductive strips were
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produced. They were shown to consist ot a phase crt dmirph,tos
carbon (not graphite); the electrical resistance o)t such
strips could be varied in wide range, and the process was
quite reproducible.

Conclusions. One can see, that our work and the work of my
colleagues in USSR, to which I paid most attention, was mainly
concerned with the properties and processes in hulk crystals.
We have now also large area diamond films at our disposal,; one
of the proofs that they are reall,' diamond films are their CL
spectra. Of course, we shall try ion implantation in the
nearest future.

The technology of diamond films deposition is economi-allv
profitable already, and one should expect a rapid development.
According to the considerations of D-r Buckler Golder,
"strategic window" for diamond electronics )see Fig. 4 ) shall
begin to close about 1995 in the field of basic concepts
(deposition, epitaxy, multilayerr) and the next step
(technology options, such as contacts, lithography, etching)
shall occupy 1997 to 2000 AD.

Fig 4.
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Fig. 4 The strategic window for Diamond Electronics [51.
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INVESTIGATION OF CVD-GROWN DIAMOND
BY CATHODOLUMINESCENCE IN TEM

R.J. GRAHAM
Center for Solid State Science. Arizona State University, Tempe, AZ 85287-17014

ABSTRACT

High resolution cathodoluminescence (CL) spectroscopy and imaging have been
performed in transmission electron microscopy (TEM) to analyze defects and impurities in
polycrystalline diamond films grown by chemical vapor deposition (CVD) using a variety of
gas mixtures, and oxyacetylene combustion flame synthesis (CFS). The combination of CL
and TEM allows a direct correlation of film microstructure with the electronic structure due to
defects. The CL was found to be very nonuniformly distributed on a submicron scale
reflecting different spatial distributions of N, B and Si impurities and their correlations with
microstructure. Band A CL due to closely-spaced donor-acceptor (D-A) pairs was correlated
with dislocations in both CVD-grown and CFS material whereas band A from widely-
separated D-A pairs was uniformly distributed in the films. CL from several different N-
related point-type defects was observed and found to depend on the growth gases used,
although no correlation with microstructure has been observed so far. A di-Si interstitial
impurity, believed to arise from the Si substrate and reactor walls, was not correlated with any
sicrostructure but varied greatly in concentration from grain to grain and from film to film. In

addition, both highly faulted and defect-free grains were found to emit no visible CL due to
mid gap states.

INTRODUCTION

The synthesis of diamond films by low pressure techniques such as chemical vapor
deposition (CVD) is currently receiving much attention, as evidenced by the appearance of
several new journals and whole sections of existing journals devoted entirely to diamond. The
intrinsic properties of diamond such as hardness, optical transparency and high carrier
mobility, promise potential applications of diamond films in wear-resistant coatings, and as
optical and electronic materials. However, current attempts at heteroepitaxial growth, usually
on Si substrates, have resulted in heterogeneous polycrystalline films containing many defects
and impurities. One of the goals of such growth methods must be the control of the formation
of these inhomogeneities, especially if potential optical and electronic applications are to be
realized. Characterization of these inhomogeneities is therefore important in two respects.
First, it is necessary to identify these defects and assess their impact on the microstructure and
electronic structure of the material. Second, it is desirable to understand and control the
formation of these defects so that potential applications of this material can be realized
successfully.

Since the films are polycrystalline and inhomogeneous, it is clearly necessary to
characterize them at high spatial resolution. While transmission electron microscopy (TEM)
can be used to observe the microstructure, this and allied techniques, such as electron energy
loss spectroscopy, can only provide limited information on the electronic nature of the
material. Secondary ion mass spectrometry can detect low levels of impurities but gives no

Mat. Res, Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society



information on their effect on the electronic structure. On the other hand, cathodoluminescence
(CL) spectroscopy and imaging have been used successfully for this purpose, since defects and
impurities often introduce states within the 5.5 eV diamond band gap which give rise to CL in
the readily detectable visible spectral region. However, such studies have all been performed
in a scanning electron microscope (SEM), usually with limited spatial resolution. This is
especially true when thick, as-grown films with a rough surface morphology are studied
because it becomes difficult to deduce reliably the exact origin of CL within the films.

The analytical technique used in this work is spectrally and spatially resolved CL
performed in TEM, rather than SEM, and this has a number of useful advantages. The most
significant of these is the simultaneous correlation of CL emission, resulting from the
electronic structure associated with defects and impurities, with details of the specimen
microstructure, such as the presence of dislocations. In addition, use of thinned electron
transparent samples enhances the spatial resolution compared with SEM CL.

EXPERIMENTAL

TEM CL technique

Experiments were performed in a Philips EM400T analytical electron microscope
equipped with high-resolution TEM CL system, the full details of which may be found
elsewhere[ 1,21. The system includes a grating spectrometer (Spex 0.22m Minimate) for
spectral acquisition and a cooled RCA C31034 photomultiplier detector covering a 250-900nm
spectral range. None of the spectra shown here was corrected for system response and the
spectral resolution was 2nm throughout except where stated otherwise. The acquisition of
digital panchromatic or monochromatic CL images was achieved using a STEM attachment
and a multichannel analyzer. A liquid nitrogen-cooled stage was used to give a specimen
temperature of about 90K. The electron probe size ranged from 30jAm, for large area spectral
acquisitions from weakly luminescing material, to 0.2um for most high resolution spectral and
image acquisitions at a beam voltage of 120kV.

Growth details

Polycrystalline diamond films l-l0tim thick, grown by filament-assisted (FA) and rf
plasma-enhanced (PE) CVD methods were studied.

Material prepared by FACVD was grown from a gas mixture of CH 4 (2% vol.) and
hydrogen using a tungsten filament operated at 1800'C on a roughened Si (100) substrate
which was positively biassed relative to the filament. Full details of the growth process are
given elsewhere 13,41. The specimens investigated were prepared under two different
conditions: (a) pressure = 15 Torr, substrate temperature - 750"C; (b) pressure = 30 Torr,
substrate temperature - 950*C.

PECVD-grown films were prepared on roughened Si (1(X)) substrates using a variety of
gas compositions and conditions as follows: (a) I%CH 4 , 99%H 2 , pressure = 5.0 Torr,
temperature - 650"C. (b) 2%CO, 98%H 2 , pressure = 3.0 Tort, temperature - 6301C; (c)
8%CF4 , 92%H 2 , pressure = 5.0 Torr, temperature - 820*C; (d) 20%CH 3OH. 40%CH3COOH,
40%H 2 0, pressure = 1.0 Torr, temperature -600"C. Growth of the film from dilute CF4 was
achieved on unroughened Si substrate and is described in more detail elsewherel51. An
additional film was grown using 2%CO/98%H 2 at a temperature of - 725"C on R-plane
(10I2) sapphire to examine the effect of the substrate on the presence of impurities and
defects.
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Diamond films grown by oxyacetylene combustion flame synthesis (CFS) were also
studied. Material consisting of 11001 oriented single crystals aggregated into a film 300-

500am in thickness was grown by allowing an oxyacetylene torch, operated in a slightly
acetylene-rich mode, to impinge on to a molybdenum substrate maintained at -1000tCI6I.

Specimen preparation

The thicker CVD-grown films were removed from the substrate by dissolving the Si
with a mixture of HF and HNO 3 and mounted on 3 mm copper slot grids. The substrate of the
thinner films was retained for support but was mechanically dimpled. These specimens were
then thinned for TEM CL by milling with 5 keV Ar+ ions at 77K to perforation. Especially in
the case of the thicker films, the very uneven surface morphology resulted in specimens with
highly variable thickness but also many holes surrounded by electron transparent regions.

Due the large thickness and extremely uneven surface of the films grown by combustion
flame synthesis, specimens of this material were prepared by crushing in an agate pestle and
mortar under isopropanol to produce thin electron transparent cleaved flakes.

RESULTS

CL spectra

Figure 1 shows CL spectra acquired from relatively large regions (10-20urm diameter) of
various diamond films. The principal spectral features are summarised in table I and have all

been observed previously to varying extents in diamond films grown by low pressure
methods[7-17].

The band at 415-436nm, known as band A, is due to closely-spaced donor-acceptor (D-
A) pairs[ 181. The donor is believed to be a substitutional aggregate containing an even number
(probably two) of nitrogen atoms and the acceptor is boron[ 19]. The broad bands at 470-
607nm are probably also band A but are due to widely-separated D-A pairs. It is also possible
that these are phonon sidebands of zero phonon lines at higher energy, which are unresolved in
highly strained material. The 575nm band arises from a center probably consisting of a single
nitrogen atom and one or more vacancies[ 11,201. The uncorrected weak 387.8nm peak is
identified as the 38X.8nm (3.188eV) emission due to either an interstitial nitrogen or nitrogen-
interstitial carbon complex and the peak at 532-534nm is probably similarly due to a nitrogen-
vacancy-related complex[8- 101; both identities have been recently discussed[ I 1]. The narrow
peak at about 738nm is the same, within experimental error, as that observed previously in
CVD-grown diamond and is attributed to di-Si interstitial impurities[8,12,2 11. The origins of
the emissions at 356-365nm, 484nm and 514nm are unknown at present but may also be
nitrogen-related. The energies of the emissions were generally independent of substrate type
(Si or sapphire) for the dilute CO-grown material however the 738nm peak was considerably
more intense when the substrate was Si.

Correlation of CL with microstructure

Correlations of CL with microstructure fall into two groups. In relatively large-grained
(greater than I um) material where a limited amount of non-diamond carbon is also present, the

CL intensity was usually intense enough to permit a direct correlation of monochromatic CL
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Figure 1. CL spectra acquired from large areas (IO-3Oum) of various diamond films: (a)
PECVD-grown (1) 1 %CH 4 - 99%H 2 , pressure = 5.0 Torrn temperature - 650*C on Si (100)); (2)
8%CF4 , 92%H 2 , pressure = 5.0 Torr, temperature - 820*C on Si (100):ý (3) 2%CO, 98%H 2 ,
pressure = 3.0 Torr, temperature - 630*C on Si (100)); (4) 2%CO, 98%H 2. pressure =3.0 Torr.
temperature - 725*C on R-plane (I1012) sapphire; (b) PECVD-grown methanol/acetic
acid/water mixture on Si (10(0); (c) CFS diamond film on Mo. (d) FACVD-grown 2%CH 4 .
99%H 2. pressure = 15 Torr, temperature -750*C on Si (100).
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Table 1. CL emissions detected in this work, listed in ascending wavelength and grouped in

similar type (energy, narrow peak or broad band) with corresponding growth

methods/conditions and impurity or defect responsible. MAW = Methanol, Acetic acid, Water

(20%CH3OH, 40%CH3COOH, 40%H 2 0). All substrate material was Si (except CFS films

where Mo was used).

CL EMISSION GROWTH CONDITIONS IMPURITY/DEFECI

356±lnm (3.48±0.01IeV) FACVD 2%H 2 30 Torr/950*C Unknown, unique to

365±1 nm (3.40±0.0 1eV) FACVD 2%H 2 15 Torr/75O*C CVD-grown diamond?

387.8±0.5nm (3.196±000O4eV) CFS 02/C2H2 1000OC Interstit. N or N-
interstit. C complex

4J5±lnm (2.99±0.01eV) FACVD 2%H 2 30 Torr/950*C Closely -spaced

428±Inm (2.90±0.01eV) FACVD 2%H 2 15 Torrf75O*C donor-acceptor
PECVD I %H2 5 Torr/650*C (D-A) pairs. D is

43 1±+1nm (2.88±0.0 1eV) CFS 02/C2H2 iOOO'C even number (2'?) of
PECVD MAW I Toff/600*C nitrogen atoms, A

436±Inm (2.84±0.01IeV) PECVD 2%CO 3 Torr/630*C is boron.

483±Inm (2.566+0.005eV) PECVD MAW 1 Torr/600'C Unknown

484±l1nm (2.561±0.005eV) PECVD 2%CO 3 Torr/630*C

514±Inm (2.412+0.004eV) PECVD MAW I Torrf/600C Unknown

532+Inm (2.330+0.004eV) CFS 0 2/C2H2 1000*C Nitirogen-vacancy-
PECVD MAW I Torr/600*C related complex

534±Inm (2.32 1±0.004eV) PECVD 2%CO 3 Torr/630*C

575±0.5nm (2.156±0.002eV) CFS 02/C2 H2 1000*C Single nitrogen + I
PECVD MAW I Torr/600*C or more vacancies

470± 1 m (2.637±0.005eV) PECYD I %H2 5 Torr/650*C Widely-separated

540±lnm (2.295+0.004eV) PECVD 8%CF4 5 Torr/820-C D-A pairs. or

55 1± Inm (2.250±0.004e V) FACVD 2%l-H2 15 Torr1750*C unresolved phonon

577±Inm (2.149+0.004eV) FACVD 2%H 2 30 TorrI95O*C sidebands of higher

607±1I nm (2.042-+0.003eV) PECVD 2%CO 3 Torr/630*C energy zero phonon
emissions.

737.6±0.5nm (1.680±0.001eV) CFS 02/C2H2 100(YC Di-silicon

737.8±0.5nm (1.680±0.001eV) PECVD 2%CO 3 Torr/630*C interstitial defect
PECVD 8%CF4 5 Torr/820'C (or N-modified

738.2±0.5nm (1.679±0.001eV) PECVD MAW I Torr/600*C version of GRlP)

738.7±0.5nm (1.679±0.001eV) FACVD 2%H2 15 Torr/7S4C
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mapping with specimen microstructure. In smaller-grained or less luminescent material only a
general correlation with overall microstructure was possible.

(i) direct correlation

Material grown by FACVD using dilute CH4 at 15 Torr75OC was found to suitable for
CL/TEM correlationl7l. Figure 2 shows monochromatic CL images of thin film diamond
using the closely-spaced D-A pair and di-Si interstitial CL emissions. The images have
distinctly different intensity distributions with the D-A emission more "spotty" and the di-Si
defect emission often reflecting the long narrow microstructure of the grains in this material.

im
-428nm 5pm =738nm

Figure 2. Monochromatic CL images showing closely-spaced D-A OX=428nm) and di-Si
(),=738nm) impurity distributions in FACVD-grown material (15 Torr/750°C).

These images were acquired from material too thick for TEM imaging, however figure 3
shows CL spectra acquired from three adjacent thin grains. This shows that the closely-spaced
D-A emission is correlated with the presence of dislocations and that the defect-free grain is
emitting no CL within the detectable range. Further observations confirmed this correlation
and while the di-Si defect emission was found to vary greatly from grain to grain, it was not
correlated with any particular microstructure. Other emissions at about 360nm (origin
unknown) and 550nm (widely-separated D-A pairs) were much more uniformly distributed
throughout the films. Both highly defective and defect-free regions of the films were found to
emit no observable CL. In the former case non-radiative carrier recombination is probably the
cause. In the latter case, the absence of cxtensive diffuse scatter in convergent beam electron
diffraction (CBED) patterns acquired from such grains suggests a low degree of static disorder
and so these grains may be defect-free, having no states in the band gap.

A direct correlation was also possible in the CFS diamond[ 171. Figure 4 shows the
microstructure and CL spectra from two particles. Again, closely-spaced D-A pairs are
correlated with dislocations. The other dominant emission from this material is at 575nm and
is attributed to a defect probably consisting of a single nitrogen atom and one or more
vacanciesl 11,201. This emission is not correlated with any microstructure and so this point-
type defect appears to be dispersed throughout apparently fault-free material. Here also, D-A
emission is absent when dislocations are absent.
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Figure 3. TEM image showing defect-free grain and grains with dislocations on either side
(grain boundaries are highlighed in white). CL spectra acquired from each grain, using an
astigmatic, elongated probe, show blue band A emission due to closely-spaced D-A pairs
correlated with dislocations and little CL from the defect-free grain.
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Figure 4. TEM images and CL spectra from fragments of CFS diamond. Crystal containing
dislocations (arrowed) gives strong D-A related emission whereas fault-free material has no D-
A CL and only the vibronic emission with zero phonon line (ZPL) at 575nm due to a single
nitrogen atom + vacancy(ies). (The small dark particles in the TEM images are non-
luminescent debris from the agate pestle and mortar used to crush the CFS diamond films).

Thin regions of the methanol/acetic acid/water (MAW) PECVD-grown diamond also
permitted a direct correlation. The CL spectrum from this material is particulary rich in
different emissions (fig. 1). and figure 5 shows CL images using the four most intense
emissions from the same (mostly thick) region of specimen. Some of the intensity variations
are attributable to a non-uniform thickness but other independent variations clearly exist. This
suggests that although the same impurity, nitrogen, is responsible for at least three of these
emissions, the various forms of the nitrogen-related defects are distributed differently.
Extensive twinning and stacking faults were often observed in this material and preliminary
observations indicate that closely-spaced D-A emission is also correlated with the presence of
these defects. Work is in hand to detect any correlation of the other nitrogen-related defects
with the microstructure.

(ii) indirect correlation

For material grown from dilute CH 4 , CO and CF4 by PECVD, only a general indirect
CLITEM correlation was attempted[ 161. All specimens, except the CF4 -grown films, showed
closely-spaced D-A pair band A emission. Although this has been specifically correlated with
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Figure 5. Monochromatic CL images from the methanol/acetic acid/water mixture PECVD-
grown films using the emissions indicated. At least three of these emissions are believed to be
due to nitrogen as a number of different defect structures. Some of the intensity variations are
due to specimen thickness variations but other differences in the distribution of the various CL
emissions also exist. This indicates that the spatial distribution of each of the various nitrogen-
related defects in the film is different.
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dislocations and, in one case, stacking faults/microtwins, other defects, e.g. non-diamond
inclusions, could potentially allow D-A pairs to exist in varying degrees of proximity. This
may account for the extremely broad band A observed in the CH4 -grown material where such
defects in single crystals abound and to a lesser extent the CO-grown film on sapphire.
However, if the density of other defects becomes too high resulting in poor crystallinity,
increased non-radiative recombination reduces the overall CL intensity, as seen in the CO-
grown films. Significantly, the CF4 -grown material was the least defective at a microscopic
level, i.e. excluding microtwins, and showed no such band due to closely-spaced D-A pairs.
All films showed some degree of band A due to widely-separated D-A pairs normally seen in
synthetic diamond. In the CF4 -grown films this was the only peak of any significant intensity
and the slightly higher peak energy, 2.3eV compared with about 2.1eV for the CO-grown
films, suggests either a difference in impurity concentration or smaller mean D-A pair
separation.

DISCUSSION

For band A emission, a Coulombic contribution in the recombination energy, which
depends on the mean separation of the D-A pairs, results in band A peaking in the 4(10-480 nm
(3.0-2.6 eV) blue range ior closely-spaced pairs and in the 500-560 nm (2.5-2.2 eV) green
range for more distant pairs. Blue band A luminescence is normally associated with natural
diamonds where it is thought that closely-spaced D-A pairs evolve by diffusion of the
impurities at elevated temperatures over millions of years. In contrast, green band A emission
is emitted from synthetic diamond where the rapid growth process has "frozen" the impurities
at relatively widely spaced sites within the lattice. In our present observations on low pressure-
grown diamond[7,16,17], we have observed that in fact blue band A in the 415-431nm range is
directly correlated with the presence of dislocations and in one case, also stacking faults or
twins. A similar observation was made on natural type Ilb diamonds[21. Presumably, closely-
spaced D-A pairs are incorporated in the dislocations during growth, and although the atomic
structure of such a system is unknown, a one-dimensional D-A pair model has been
suggested[2]. In the FACVD-grown material the relatively uniform distribution of green band
A CL at 551 nm due to widely-separated D-A pairs, indicate that these centers are fairly
homogeneously dispersed throughout the film. Nitrogen is presumably a contaminant of the
source gases and vacuum system, although high purity gases were used in most of the growths.
No attempt was made to remove nitrogen dissolved in the MAW components and it is worth
noting that the various nitrogen-related CL emissions were fairly intense in this material. In
the CFS diamond, the combustion was carried out in air and so the abundance of nitrogen-
related defects is not surprising either. Boron may exist as an impurity in the CVD reactor
components and in the FACVD-grown material, the Si substrate was B-doped. The presence
of boron has been confirmed in some material by SIMS[ 161. The origin of boron in the CFS
material is more difficult to explain. Moreover, apparently B only exists as an acceptor in this
material at the dislocations and not in unfaulted crystal (fig. 4). This leads one to question the
identity of B as the acceptor and tentatively speculate that instead some atomic arrangement at
the dislocation exists with an acceptor-like electronic structure.

Several other nitrogen-related CL emissions have been observed but none so far
correlated with any particular microstructure although they are sometimes non-uniformly
distributed.

The origin of the peak at about 738nm deserves some discussion since at least two
different centers are known to cause emission close to this energy. The GR I emission, due to
the neutral vacancy defect, occurs at 1.673eV[ 191. Another peak at 1.685eV has been
attributed to a di-Si interstitial defect[8,22] and, more recently, peaks at 1.68(1eV and 1.68X eV
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have been attributed to the same defect[7,12,15,16,21 1. Annealing studies and experiments
with substrates other than Sil15,16,211, which is often used in CVD diamond growth and
believed to be a major source of Si impurity, would seem to confirm that Si is involved in this
defect. In addition, glass reactor components are also possible sources of Si. However, in the
case of CFS diamond, there is no obvious source of Si impurity. It therefore seems
questionable that the di-Si defect is responsible for the observed peak in that material and so
the GRI defect could be considered as a possible cause. Although the presence of stress can
shift the GRI energy by several meV, the full width at half maximum (FWHM) of the 738nm
peaks seen here is only 7meV compared with 25meV as apparently observed for GR I [Il1. The
effect of stress and the possible influence of nitrogen on GR I is discussed in more detail
elsewhere[17]. In FACVD-grown material, no correlation of di-Si impurity with
microstructure or any other CL emission was observed. The defect appears to vary in
concentration from grain to grain but is relatively homogeneous within a single grain.

To date, most low pressure diamond growth has been carried out using dilute
hydrocarbons. It seems that the presence of other atomic species, such as 0 in CO and the
MAW mixture, and F in CF4 does not introduce any optically active impurity or defect states
not previously observed in dilute CH4 -grown CVD diamond.

Finally, it is worth briefly discussing the absence of CL from those grains which are
apparently defect-free. It would appear that such grains contain very low levels of impurities
and do not therefore emit CL in the visible spectrum but rather in the UV close to the band gap
which is not detectable with our current system. Such CL has been observed from CVD-grown
diamond[91 but no correlation with microstructure was possible in the work reported. It is
interesting to note that defect-free grains often occur adjacent to those containing many defects
and may result from different nucleation processes.

CONCLUSION

TEM CL has been used to correlate electronic structure due to defects and impurities
with microstructure in a variety of low pressure-grown diamond films at high spatial
resolution. The CL spectra from the various films exhibit emissions common to one another
but the form of the spectra vary considerably from material to material. The films are very
inhomogeneous on a submicron scale with the impurity and defect content varying greatly
from grain to grain. Grains with many defects are often found adjacent to defect-free grains of
high purity. The dominant impurity is nitrogen which is present in a variety of defect forms in
the diamond lattice. Closely-spaced D-A pairs have been directly correlated with dislocations
and in one case stacking faults and twins. Interstitial silicon is incorporated in many films and,
like other point defect-type nitrogen impurities, has not been correlated with any particular
microstructure. In addition, nitrogen may be playing a role in the growth process. Certainly it
is associated with major faults in diamond grown by a variety of low pressure methods, but
whether it simply segregates to the defects or in fact is their cause is not known. This question
and the reasons for the nucleation of these defect-free grains is the subject of continuing work.
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FLUORINE ATOM ADDITION TO THE DIAMOND ( 111) SURFACE

ANDREW FREEDMAN, GARY N. ROBINSON AND CHARTER D. STINESPRINGa
Center for Chemical and Environmental Physics
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ABSTRACT

Diamond (I 11) surfaces with the dehydrogenerated 2xl reconstruction have been exposed to
a beam of atomic fluorine at 300 K. The uptake of fluorine, as measured using X-ray
photoelectron spectroscopy, is quite efficient and saturates at a coverage of less than a
monolayer. Low energy electron diffraction patterns indicate that fluorine termination of the
diamond surface produces a l xI bulk-like reconstruction in contrast to the disordered surface
produced on the (100) surface.

INTRODUCTION

In order for diamond to become a viable ;emiconductor material, several large advances in
growth techniques must be made. To this date, no verified instances of large scale heteroepitaxy
have been reported. This lack of success appears to be due to the propensity (in high pressure
reactors) of diamond to nucleate at multiple sites and produce growth of micron-sized crystallites
which coalesce into a thin film. In order to grow epitaxial films over large areas, films must be
grown two-dimensionally (or in a Frank-Van der Merwe growth mode): this evidently requires a
very slow growth rate that would be more relevant to molecular beam epitaxy (MBE) techniques.
Furthermore, careful tailoring of films with features having dimensions on the order of a lattice
parameter will be required to produce advanced devices such as quantum well structures.

We are attempting to develop an atomic layer epitaxy[ 1,21 scheme for the deposition of
diamond thin films based on the use of halogenated reagents. Such a scheme would involve the
use of self-limiting chemical reactions that would provide control of the deposition process on an
atomic scale. To this end, we have been investigating the surface chemistry of diamond and
graphite substrates with both fluorine and chlorine atomsl3-61.

This paper presents results from experiments involving fluorine atom adsorption on a
diamond (I 1) surface, specifically the dehydrogenated 2x I reconstruction. Previous work on
mono-hydrogenated IxI (100) surface, has shown that fluorine atoms adsorb at a saturation level
of =3/4 of a monolayer forming a disordered carbon monofluorine moiety{31. The adlayer is
stable up to 700 K whereupon fluorine desorbs in some form, although desorption is not
complete until a temperature of 1100 K is reached.

EXPERIMENTAL

Studies were performed in an ultrahigh vacuum apparatus comprising a turbomolecular
pumped, liquid nitrogen trapped ultrahigh cell (ultimate vacuum - 3 x 10-'o0Torr) interfaced to an
ion/sublimation pumped analysis chamber. The diagnostics available in the analysis chamber are
x-ray photoelectron spectroscopy (XPS) and low energy electron diffraction (LEED). The
sample is transferred between chambers using a linear motion feedthrough with sample
heating(1200 K) and cooling (120 K) capabilities.

aPresent Address: Department of Chemical Engineering. West VirginiaUniversity.
Morgantown WV
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The 5 x 5 x 0.25 mm type 2A diamond (11) substrate (Dubbeldee Harris) was polished
using 0.25 mm diamond grit in oleic acid and rinsed in acetone and ethanol baths in an ultrasonic
cleaner to remove any trace of the polishing process. Heating the substrate to = 750 K in
vacuum produced a surface devoid of any contaminants as measured by the XPS diagnostic.
Bright I x I LEED patterns at 150 eV were obtained, indicating the presence of the hydrogenated
IxI bulk-like reconstruction.[71 Further heating to = 1050 K produced intense 2x2 LEED
patterns indicating the formation of the dehydrogenated 2x1 surface. This reconstruction
removes the dangling bands (one per surface carbon) by forming surface carbon dimer bonds.

The fluorine atom source has been described in detail elsewhere.181 Briefly. it consists of a
miniature fast flow tube whose output is sampled by a small aperture (40 g.m). which produces
an atomic or molecular beam. A 5% fluorine in argon gas mixture (2 Torr) flows 500 sccm)
through an alumina tube which is surrounded by an Evenson-type microwave discharge cavity,
past the aperture, and exhausts through a co-annular passage. Operating the discharge at 70W
power produces nearly 100% dissociation of the fluorine. The alumina flow tube is readily
passivated and no recombination of F atoms in the gas or on the walls is seen when the beam is
sampled by a mass spectrometer.

The XPS analyses were performed using a PHI 15 keV, Mg K, x-ray source and a PHI 15-
255 GAP double pass cylindrical mirror electron energy analyzer operated at a pass energy of 25
eV. The analyzer was calibrated using the Au 4 f72 peak at 83.8 eV and is accurate to ±0.2 eV.
Due to the insulating properties ofthe diamond sample, significant charging effects were
observed. For this reason, all spectra presented here are referenced to the C Is peak (285.0 eV)
of bulk diamond. This peak has a full widtlh at half maximum (FWHM) of 1.4 eV and its
assignment is never ambiguous. Fluorine atom concentrations are measured using the F Is
transition at 685.5 eV. The LEED diagnostic is of a reverse view variety (Princeton S,'ientific
Instruments).

RESULTS AND DISCUSSION

Figures 1-3 present data obtained from the dehydrogenated 2x I reconstruction. In this case.
the surface dangling bonds, produced by desorbing the surface hydrogen, are energetically
satisfied by forming surface dimer bonds between carbon atoms. Thus fluorine atom addition
reliuires the breaking of the surface dimer bond upon formation of a carbon fluorine bond.
Figure I presents an F atom uptake curve (measured using the XPS) as a function of exposure to
atomic fluorine (I ML = 1.8 x 1015 cm-2 ). The initial uptake appears to be first order in
fluorine atom coverage. The saturation coverage is less than a monolayer as determined from the
C Is spectrum which indicates only partial disappearance of a surface state feature.J31

Figure 2 presents an artists rendition of the obtained LEED patterns before and after
fluorination. Fluorination decreases the intensity of the second order spots indicating that the
surface dimers are being broken to form areas of a fluorine terminated I xI reconstruction. The
second order spots never entirely disappear which is in accordance with the fact that the
saturation coverage determined above is less than the monolayer required to totally terminate the
surface. Unfortunately, without quantitative information as to the width and relative intensities of
the individual spots, it is impossible to determine the relative sizes of the It xI and 2x I domains.
This behavior is quite different from that found on the (100) surface where fluorine addition
results in a disordered surface. Instead, fluorine atoms on the (I 11) surface behave in a manner
similar to that of hydrogen atoms whose removal and adsorption to form ordered surfaces are
quite reversible[7,91. It is interesting to note, though, that as repeated cycles are attempted with
both atomic hydrogen and fluorine, the LEED patterns become generally dimmer indicating some
damae to the surfacell01.
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Figure 3 presents the relative fluorine coverage as a function of temperature for a (I I I) surface
which has been fluorinated to saturation coverage at room temperature. This thermal behavior is
quite similar to that found on the (100) surface, where fluorine desorption also begins at
approximately 700 K. We note that the actual fluorine and carbon spectra obtained on both
surfaces are virtually identical in shape and structure.

CONCLUSIONS

Fluorine atom adsorption on both the dehydrogenated 2xI reconstruction of the diamond
I l ) surface and nonhydrogenated Ixl bulk-like reconstruction of the diamond ((100) surface

are found to be quite similar in most respects. Adsorption is efficient and saturation coverages of
a carbon monofluoride species of less than a monolayer are found in both cases. Fluorine in
soIme form starts desorbing at =70() K, but some fluorine coverage is found up io a temperature
(If 1 10) K. The mazjor difference is that while fluorine addition to the (100) surface produces a
disordered adlayer, the 2x I ( 11) surface is partially reconstructed tol the lx I bulk-like
reconstructioIn due to fluorine terminatioln. This result is in accordance with the concept that the
( I 11) surface is less sterically hindered than the (100)) surface due to the presence of only one
adduct site as compared tt) two on the (1)00) surface.
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Figure 3. Thermal stability of fluorinated diamond adlayer. The substrate was fluorinated
toI saturati()n tIf 30)) K before heating.
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STM STUDY OF DIAMOND(001) SURFACE

Takashi Tsuno. Takahiro Imai, Yoshiki Nishibayashi,and Naoji Fujimori
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ABSTRACT

Undoped and boron-doped diamond epitaxial films were deposited
on diamond(001) substrate by micro-wave plasma assisted chemical
vapor deposition and their surfaces were studied by scanning
tunneling microscopy in air. An atomic order resolution was confirmed
for the observation.

For the undoped epitaxial films, which showed 2x1 and 1 x2
RHEED patterns, dimer type reconstruction was observed and it was
considered that the growth occurs through the dimer row extension. In
the case of B-doped films, the dimer reconstruction was also observed.
However, 2x2 structure due to the absence of dimer was partially
observed.

The effect of boron concentration and methane concentration
during epitaxial growth on the surface morphology were also studied.
The morphology observed by STM became flatter, as the concentration
of B-doping and methane concentration, during growth, increased.

INTRODUCTION

In order to understand the growth mechanism of diamond chemical
vapor deposition (CVD), observation of a grown surface is believed to
be required. It is very important to control surface atomic structure and
morphology for the electronic application of diamonds, especially for
B-doped epitaxial filmsllt. Shiomi et al.121 studied the morphology of
epitaxially grown diamond surfaces by SEM and optical microscopy
(OM) and concluded that the surface roughness caused the poor
Schottky property of diamond-metal interfaces.

Scanning tunneling microscopy (STM) is one of the most
successful methods for surface analysis, because of its atomic scale
spatial resolution. Recently, STM observation studies have been
reported for surfaces of diamonds grown by CVD. Most of the trials are
for polycrystalline diamonds[3-51. However, study for well-defined
single-crystalline surfaces is desirable in order to resolve fundamental
processes. On diamond(001) surfaces, 2xl and lxi structures were
reported by LEED and RHEED observation in the case of clean surfaces
in UHV16], hydrogenated surfaces[71 and epitaxially grown surfaces
after micro-wave assisted CVD[2]. The authors previously reported on
the real space imaging by STM of 2x1 181 and lx1 (91 structures after
CVD growth.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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EXPERIMENTAL

The undoped epitaxial films were deposited onto diamond(001
substrates using micro-wave plasma assisted CVD, of which the
reactant gas consists of methane and hydrogen. In the case of B-doped
films, diborane of appropriate concentration was added in reactant gas
The substrates were single crystalline diamonds synthesized under
high-pressure and they were cut and mirror-polished. The size of the

substrates was 2.Oxl .5 mm
2 

in area and 0.3 mm in thickness. The

substrates were chemically etched by bichromic acid and cleaned by
acetone, acid and water prior to deposition. Growth condition was that
gas pressure was 40 Torr, micro-wave power was 300 W and temperature
of the substrates was measured to be 830"V by optical pyrometry

Methane concentration was aidinly 6% with hydrogen flow rate of 100
sccm after the condition reported by Shiomi et al 121. Typical thickness
of epitaxial layer- was 0.8 trm.

After deposi:on, the samples were taken out of the CVD apparatus
and RHEED observation and X-ray photoemission spectroscopy were
oertormed. STM observation was performed in air typically with a
tunneling current of 2 nA and tip bias of +0.1 V.

RESULTS AND DISCUSSION

Epitaxially grown surfaces showed sharp RHEED patterns of 2x0
and 1x2 structures. XPS showed no impurities on the surfaces except
for small amount of oxygen.

STM observation was found to have an atomic order resolution. A
typical image of a diamond(001) surface of undoped epitaxial film is
shown in Fig. 1. Patterns of parallel rows can be seen clearly all over
the image. The distance between the adjacent rows were found to be
5.01k . almost corresponding to twice that of the surface unit. 2.52A...

This image can be explained by symmetric dimer and hydrogen

adsorption.
Figure 2(a) is an image of larger area. As is shown in Fig. 2(b), the

Sa steps look straight and Sb steps look rather zig-zag in contrast. (Sa
and Sb steps are shown in Fig. 2(c). The notation of steps is after
Chadi.[101 ) The authors consider that these indicate crystal growth
through dimer row extension mainly from Sb steps.

5A

il (0101
o 1101

[0 010

Figure 1
STM image of diamond(O01) 2x1

surface with tip bias of 0.1 V and
tunneing current of 2 nA.
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Figure 2
(a) STM image of diamond(001). (b) Outlines of step edges in (a).
(c) Sa and Sb steps of diamond(001) surface

For 2x1 structures of undoped epitaxial surfaces, the dimer atoms
were not resolved. However. images of better resolution were
successfuly obtained for B-doped films(70ppm), as is shown in Fig 3
Carbon atoms which form dimers can be observed separately. In the
upper right part of the figure, strong contrast (probably corresponding
to dangling bond) can be seen. The authors consider that the defect
affects the electronic states of dimers and resulted in the resolution of
dimer atoms. It is not clear that the defect has any relation to B-doping
or not. The distance between dimer atoms was measured to be 1 5 .,

which is one of the shortest interatomic distance ever identified by
STM.

Figure 3
STM image of dimer atoms of
diamond(001) grown with B
concentration of 70 ppm
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For B-doped films, a structure, which cannot be explained as a
simple structure of dimer and hydrogen adsorption, was observed. The
image for B-doped film (70ppm) is shown in Fig. 4. An area of apparent
2x2 periodicity is observed and it is considered that dimers are absent
periodically and partial 2x2 structure forms. The authors consider the

ýL)seiice o0 dimer to be caused by the stress in the film due to B-
doping.

[ o] -0101
[110]

1 oA z [1o00]

Figure 4
STM images of diamond(OO1) grown
with B concentration of 70 ppm. 2x2
structure can be seen partially.

[110] 1010]
[110]
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K Y 1:Y

Figure 5
STM images of diamond(OOl) grown by micro-wave plasma
assisted CVD. The results for undoped (a) and B-doped
films (b-e) grown with mehane concentration of 6%. B
concentration was (b) 3ppm, (c) 20ppm, (d) 70ppm and
(e)350ppm.
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As the dimer row extension plays important role in the growth of
diamond(001), the morphology of the grown surface is probably
affected by the absence of dimers. The authors observed larger areas
in order to estimate micro-morphology of epitaxial films. The

topography in the area of 1000 A square for grown surface of undoped

epitaxial film with 6% of methane concentration is shown in Fig.5(a).
The mounds with some hundreds A in area and 50-100 A in height are

seen. Such mounds are too small for SEM or OM observation. The
outline of the mounds were apparently along the (1101, or dimer row
direction.

Figures 5(b) to 5(d) show the STM images of 1000;.x square for B-

doped films, 3, 20, 70, 350 ppm respectively. It is clearly seen from the
figures that the doping of B to the films has very strong effect on the

surface morphology of epitaxial film. Increasing B concentration makes
the surface flatter. The authors consider that the absence of dimers
reduced the correlation along the [1101 direction and hindered the
mound formation.

The similar observation was performed for the effects of methane
concentration during CVD growth. The results for methane
concentration of 1,2,4,6 and 8 % are shown in Fig. 6(a) to 6(d) In
these cases, the difference of surface reconstruction was not clear and
other mechanisms should be considered.

irEa

Figure 6
STM images of diamondlg01) grown by micro-wave plasma
assisted CVD. The results for undoped films grown with

methane concentration of
(a) 1%. , b) 2% , (C) 4%. (d) 6% and (e) 8% .
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COCNC LUSION

The atomic structure and micro-morphology of diamond(O01
surfaces, grown by micro-wave plasma assisted CVD, were observed by
STM. The effect of B-doping was admitted to both of them. B-doping
makes for an absence of dimers, suggesting the existence of stress in
the epitaxial film, B concentration and methane concentration made the
surface morphology, observed by STM, change drastically.
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ABSTRACT

Autger spect roscopv is ttsedl to determne iitithel~tli b dinjg states of carboni inl thle Iintterfacial

region bet weeti sihcoit anld PI
tE(VI diamiond films. SIC and ,p'- hYbridized carfboit are

of t'!~d W f \e suggest a poissiblel growthI stitequece fur diamnitd filnits to accotitt for the
inerfac ial layer,

INTRODUCTION

D~iamnond hias m an n v attract ive profpert ies. whtichi i nilude thle hiighiest. hardness andr roolit
etlilfierat tire tlieriiial Conducotivityv of anty material, anl ext remnely low t hermnal expansion

coelficiceti and reasoniable elect rical instulat intg propertie's [1). AS a result of thlese proper-
lies, diaitotid filmts have nialty potentit al applicatiotis as liarif coat ings andi wear surface's.

andI ill eletr ottic dlevices. (Great itilerest ilt thfese afiflitatiotis has roistited frotm develop-
mielits itt low presstte dianitorid sfinthlisis whichl Itactallitwet pl. ftsrvst afl itIi tdiamioondf Eitos
to bie prttdutcedl at lintear growthI rates of tenls to hiuntdredfs of mnicronts per fhotur. Several
comiprehen sivse reviews of thle field exist [2. :1. 1-f[

Most electrotnics apiplicat ionis, hotwever. require fuirthfer ittprovemtetits itt filtm qualit ,
andr Smnoothnttess, and ill t lie ecotiottics (if iroditilttion. Becauise (VI) is cottitiiiiif tisedilli
silicon and othfer semiicondulctor technltotgies. ('VI) of stmoothf dianitotd ifitms is a focuis of
icirrenit effort s int, ie,( field.

lI Ie mtost cot tin ttiI grown fimI ts are, of [ff11 t v ji and dl ispltay ref at i ely large faceted
graints, t hereby produinetg filmis of cotnsiderable Surface rouighntess [2. 3. 1, 51. Iniprovedl
fpropfert ies will c-learly reqtuire alt nimproved titderst aiding of thle tnucleationt and growthf
fproc-esses inivolkeid in idiamoind filni dlejosit ion. Heft on anid scin-fntieg [6] have examntted

lie silim-oti/diattottll intierface bty MI~S attd FFlS. andi dnetermitited t fitt ilie depoisit was
a tItixtitrev of Si(' andt iialliould. WVilliamis andI (lass [71 have. thtrottghi FFAM sttlies.

obiserveid a 5ff A la , er of SW( at t lie diattionii/silicoti ititetface. lijitta [81 has examnited tilie
growthf of d iatIIlilod pa rtj iles oft s ? PSIIs tatIes seeleif Iwit ft I)diamonf djpowdler. a tottmtoli pract icte

tisedito itmptrove t ll( diattititit ituileation tft'isit s. and has dfeterminieid thIat idiamoitnid grows

ltoltiia'fit axially onil iattiitti piartt ijes which remtaint ietbeaddted itt Ill suilst rat, olfowitig
lie Seed intg firocess.

"IlIte presentl stuv tihstak,,s ailsatit agm' if thle ititfIte iaftabliifitit of Aitiger elec troll spvc-
trtisittf (A ES) to examiilte hotbI thle tottifasitioti atith t lie in-ietititaf bottintg of th lin'tetr-
facial region. It has long bteeni knowni [9] thfat th lit'llte st mt iture of' flet A tiger sptect rutm
oif catboni piovides a finigerpritnt for identit i-at iot of thlie fotrm of' carlbon depfosit s oit a Siur-
face,. Thle ireselit fpaper uises t his tapablfits it) examtitnem hotl Sidses of t lit dialtiotid/silicon

ititerface ali 1to to stiggest a growt hI) Siequence for ('VI dliamndom Mills.

EXPERIMENTAL PROCEDURE

'I lirtve sets, tf sattijiles were it a atiydsem fiti tfits papter. 'I'litflust selt. re'ferred tit) as samtple' A.

Was grtwitni olt titis m.eitlet Silicoti wafer Its- plasmia etiliaticet cvieitia A apmtr deposit ionili iti

Mat. Res. Soc. Symp. Proc. Vol. 242. ,1992 Materials Research Society
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2.15 Gliz 'Ii(irruwave reactor with 0.5/(I carbon bearing gases ill Ihy drogen, arid a siibst rate

temiiperatutre of 755' C . lihe seconld set, referred tr as samiple i3. was groWn oin a silicon
Wafer whichl hadl beeii abrraded with diiaiioiid grit uindler condiit ions idettttical it) t hiose uised
for sarimpfle A. [lie thliird, referred to as sam pie C,' was grown onl a seeded Si wafer undifer

simIi lar conitiotrn s to tic re vious~ saripies except withi approximnrately 3`1c carbon hearting
gases.

A\If thre e saim ples Were fract ured ili situ it ii a Pterkin i-i i r P111J 6630 A uge' r miicroscope.

wit ii anl op~erat inig piressir ri of approximi at ely 2 x 10- I orr. 'Ilre fraictire was accom pi sited
b) , % rourntinrg a thinr sl ic' of lie sarimpie p~erpe'ndicunlar to tin'( sirrface of a specially grooved
sarmipie stage. scribhinrg tire backs ide of tire samiipie at a desi ret fractutre location . anti in-
sertring it i nto tire mric-roscop~e ch artmber where it was broken by thlit ini stal led P HI fractuore

at tat-l iterit

Aniger svtretra vert' tcoliect ed fromri locatiotis ott t lit t'XNItSt't frart ire siurfates and fromt

referterctt samiplets of ptire Si( . piirr ratuiral diiaimitnid, miii graphiut e andi spiutitered atior-

phous5 carbonri. D~ifferenc'ies ill bonridirng st ate arte mrost t-iearl *v osiisrvablie ill tire dcirvat vt'
(dN (I-)/dl ) spcnutra. andi arfe iliostiratf't ill Fig. 1. Thei [)[ 1 \[Ail.AB soft are ;tackagt'
"was list'd to performr a liiretar feast squiares lit of tihe refteretntct spetrt a h to thlit sarmplte data.
We fit to N(E ) ratherrr thIan diNE)/dE) 7thl-)ii order to a void liotss of iniformirat ion tIitit to di ft'renl-

tiatiorr. Duerr tot tdifterenctes iii Auger yitelds front difterernt borditnrg orb~it als, thiis ttechnriquet
is old iv s'rriqu-trarit itat ivi'.

Othertr aitithors [9] hiavte obstervedi a split peak irrar 250 eV\ ill dliarmondi. ratheir thiatn thet
b~road, flat pea~k shown Ili Fig. 1. Wte at tributr' thlit diffterenrct to diramnagte indulceid by lthe

eet'i't ori bteamr iltirunig tour rt'lat velY purolotntgtet tiata corllectioni.
Crapiliutr auth arilorpitoirs carton irtaiict Ilit' least rusti nit e Atzgrr liritsltaies ofi thlit

fourr st arntartd materials. as tlit "shourrldetr" flit' t toit Ih KL 1 1.1 t rarisi: tint ttstrv-et ittar

255 (A' becomeis less rist inct with itectrenasinig grapnlit it nlaractttr. Fotr thart rteasonr. tlit'

terrms ''o -h ibryirdizt't carhon'' anti 'tarblttr' art' Irsr'r litri' to ittestribi' mratterials having

air Aiigt'rliirrslrairtwithi srrlrst ant iai grap~iritit- t-lianac(tr'r. asrire(asirit ity( b th lit'lt tintg rnurt intt'

F-ollowinig Angter analYsis, all t lirt' samplenis we're nxarrirrr't li SI-ANl to tltternirlitrt thlit

Iit addit itt, to u tittrrtriro' t ýlit' iikt'liliood of Si( formairatta at ant r'xist itigsiiit-oni/tliarnrcttrtl
nitrfct'nrrlrrrrit otilit ititis. suit-in prowdeltr wtas mrixtet suit i nat urral tdiamndirt ptiwtder

atnd retarcte t'ii anrgton at 7,50' C for ftorr hounrrs. [lT'e resultring rrixtuire was arrat~ ttd i.\

x-ray thin .iacim ( Xih ).

RES ULTS

Sarrple A. grown oiiin art iinst't'dt' silitoni wafter undtetr thlit satie coditlithnts as titt' st't'lt't
silitconi wafter uised for sarmtler It, was riot a ruontirintrirs fiurt as Fig. 2 ilirist rat ts. SFIM

exairririlat inl slitiwiti a sirtoothi stirfait', witll, sriall. isolajtt'tl. rhialnrrtrr grains. 'F'l( it'rgt'r

speitttra t akteni frtmnn thirfis h wt'rt'tittirtirit dt by Si( . withi smiall arirnit s of sp` -hlrvlrirlizedr

carbonir (withi a grapuhitit- Auigter liritsliapt') also omlts'vn'tl.

pori int s~itu fractur ontf sarmplet Bi itt tdit' Augur mnitcroscopei. tovnrhnatiginig diatimondt

"shlrvtes" ant i nnrrttrlatigitig siliconn --ledgtes" wert' tiist'rvt'ri. Flltsn fteat rirt's art' stirtilnat i

caill*v illuist rateid ill Fig. I.ý anti SEM rmitrtograpnhs if a shelif antid itetdgte anppear ill Figs. I
artdi 5, rt'sptrc it'i~ y.

F-iguren -i showiss t mat t it', nrnilr'siils tif tine toverharngirng tdiantmondr shelves rut' grotetvtt.

Thie taiutiagi' fnttlrrd d iby ainratlitg lthe siliconi sublstra-ten is ajtpnrci'rld *tt'inliratt't itt tiht

gr-owinig huln. Aunger spectttra t akeli fronrt t mist surnfactes shotwednltin' prn'se'rinn of SiC anti

su2
-h iryiritzt't carbotin ill appr-oxirmately eqtuial arnuinmirts.
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WNE)
d E

Figure 2: Nuicleationi of diamuond on miseeded
sili(oII wafer, sample A.

E EeV)

Figmure1 KIAI carbioni spnct ra fromn uijanod P -
spunnt .5it te'red carbon, and( Si(.

DI go n I a mm

IIlll in Sa pe 3

li'ginie 3 Schnemnatic dliagramn of fran-i nin
snn rface. Saminples 11 anid

Fgre ) FxposI silio ledge isample B.
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Figiure 5 iniiciates t hat a sloping initerfacial regioti is vXpoimii bet %%eil ii the sstrate and

thIieý( ija ifoit)id( filImi. Auger s pec ra were coI il[eitii for a series of poinit s ill a i dobllot 11ot Ii sds of

the interfacial region. These specrt a show, a firogress;ioti fromt Si -ilomiiitoted muaterial. to a

regioni containling ptrimarily carboni. to thle diamiondl film. ()xvgeii was also iibcfervd fii the

Si( -lomiiittild regioni (Fig. 6i), but niot ill thle interfacial legioni. sliieslintg thfat tillie hativ

stijioli oxide was still priesenit durimig thle earl , grow th stages. It is %%orth noinii!tg here that

Ni(aloti fibiers (attiorpltoiis Si( ') have la'eti shownl to intorpourate Subst ant ial fraciotis of

oxygeni Since luIf ,rogenis noitt detect able 1)'N FS t was not ipisilble to ineastie liYdrogeri
coci entitrationt at t it', ititerface or elsewhitre.

When tile shelves atid ledges are conisidered as miatinig halves of t lie fractutre suirface'.

it appuiea rs thiat fracut re of t lienjt erface left t raices of 'S i atd aibhrarhi out bothI sitrfaices. It
therefore seineis likely thfat fracture octiurredl ill a t ranitiona leut1 rgioni lie! wet Si( and thle

diamtondl filni.
[lIeI( frail Ire-( surface of samtple C was sititiiwhat dififerett froili I fiat of Saimpln It. asý

shoiwii fii Figs. 7 atid] S. lit satmple C. fiio clearl (ilIiieateil ittierfat ial regiotn was vis-

ible otn silicon ledges. flhis ouservat ion wit, ioiifirtuied bv Autger speit ra. whitIt hu owiil

that SW atid carboni were presetit iti afufrtixilltlitl. el qu'~al qujail! itie oti li te\extai'i ledge.

if)

'I Catoo

3 \St---------------------5

KtmPttC tI(RCY, ev

Figoure 6: Autger spectra fromi exposetd si licotn ledge. sampl ~ue 13.

Figture 7: I dtunfesiufe iof ufiautominf Figiure 8: Expotsedl sifitoi ledfgi iti sampl~ie C.

slitIf ill samiple C.
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nI I iild slaekx's i-iiit1iiiii I c (Ili I I otI Il. Ip- Iiliridizi'i carIlou. IaI I, Si( 'I II aI, Io',iT]Iitae I'qIiývpal
amiiliiltd. 'SimiciI lic c cipilt' dept It for .\iiger (11(ii? rouis i.sol ,ii lIi lici twiii i ,1 5 - I 0It.

sIllistalil jallx cdj(c i-lii'l nat xik to sampitle ' H.

It is xxiii? It riot lug I lial no ii acici di' we're% visiblli oilI lici iili'drxiili- (Ii' diiiamn iii l'lxi'"c

'latiiagc all. rIclaii'i.

ali i'lilmt ablei toi siliiiii ori iiailliond was ]ill(hiiiiigi'i b.\ lii';i I Ica? inclit i, illdid l c''I lilat
dliamondtii i, tirii e d , l to Ile iiiisiiiii Y i i lix o cai'xi i.rbiii'hideora loll? wt(i ic ii,iliiiiillid'la f~riiii'x

DISCUSSION AND CONCLUSIONS

\igii' lillis alsii shiixw that oix vgi'i ix Imcishil hii'ar Iliii Si sidi iif thle ii h't ill lii? (o

neair thei dliamon~id side(. Furthe'r i'llxxi t" ill fiii , us ii the Si aiii uox \vgiIii 'luiedin ils'. ( oý

xwill hielt, is latter iiiiili'itaiul the fcil(- iif siliicon's hiitixi' iixiii idurinig Iiii ('\I lroii'x.
Sivi-ral! ioiiiiisoti call lyx'i'rawrt friari loir rexu~ls. )-irsI silicont carl-ihi' is iihi'rv.', at

thi ilianiiiniui/silii-oi intutrface' inl saimiples BI aiid C. anud on thei siirfai-i oif saiiiili A. Ihis
i-arliiie imulst forii eithier b.\ reict iol wxithi expoised Si iialcilies: liv iiiiorixrat loll xif l arbll
minoO 'SI6.' iO t avivr: ix- difil ol'sit iifSi thiiiiughi lii ixiili lxit : ' ork silini' iiiiillatiiiii oii -c hM
ui'iii'sses. Ill anY icasie. thei raite ioif growxth of iit laxi' rAlB on at subksrati' A is pirioportiiinial

to I/u-2 . wxhere .r is thei ABll axir liiikicss mid heinue th lii' til'isiiou liengthI of A froiii Ilii'
suis~t rate thlroiigi Iliti'grxixxing laver. thie ihilfusixii enithug I- i is in turn proport ioiiah to iIt

%lii're P) is the iilfiisiou (oiiiehii'u ofA. it) AlB am!, I ix, 6iml [11I. -ii, a, the( i liiikia'x of liii

SiW laxir uinirases. lie ati' iif SiW gixvtli leiricases aliil cxiii? iallxv biecoiiiis iii-ghigi Ill.
Meaiiwhiilv. carbonu ioniic t om' l iepiiiit tiiiiIthe lihii siirfaii. xveli'hi' or not? Si is pimscuill
to react with Ii.

(Xiniiirreuut xxithi the alixe proiess, diamondii glowxs xiii all tliiei samiples. Ili 'aiiplie Ii
a'ixh C . we rrote that 'i'i'ti iwiork IS] has howinxi t hat dliamiondi piartiu-li's iare vi'iibiix 'i ill
thii' siiifaiio' xfslil)i-' ales xxhicli hiaxie hiii'i aliih'lae xxitli] jimiiol"Ild tiiixxihi' di thidi (A I)
diauliuoiii groxxth Iiiuirs, IloiuuCIiii'itaxiallx' oili I Ilii'x part I(It's.

huiri'fiire. wei beliiexe that lixiTIh0iiilitaxial idiaiiiiiii griivtuli (lhir, xiuiilIaniiiiiii\l xxi? I
Si(' growth ill sauticiis 13 andii C. As ithe rati' of SiW fiirmtiiion ih.'i oaxi'. thle Igroinxg~
diamiuonii ir s t allites iixergriiw thle SiC aiil iarliiiii lax-is vcxciiiah! x fonuiiiiig it colifllillois
filim. Thiis lurox-ess is schiimiiatically illiust rated ill Fig. 1)

Fiiially, xxi attr'ibiuti' the thin iiietefacial u'eacioui lax*i'?' ill samplie. C tii dii high ioou-

ceiiratiou iif icarbnli hiarilig gases during groxwthi iif this sanuipIle. Appaiurenti I '. fmr si'eii'i
filmns. thei groiwthi i-ate of diamuoini is limiitiei lix' N gas pdiasi I iatispoirt. ieiiii' IIi' dialianixiuu
grows at aii ai-ielcraei l iatie ill this sampijle.

To siiiuiuiarize. xx\i haxi' Atilidi'i thle na~lblin bliuilii stati', ill th "'Si/idialnionid interi
facial region. aiii htave iibsiervied Si( 'andi .,p' -- It,\iriiieil i arliiii. Wie suggest thlat iii'st'
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Diamond Growth Direction

Sc:lellcmal 2 (j 2''s(212 1(22f dia2(2(2222 glowl II oil2 Tulplc' 13 ald C.

LPl, folill 101222 >2 la(lell 62'0IN %l h diai 11 i (1222222022 l o22 il (2222fxi~l]ing iii22(1e. Futici 22' 212k will
( )[' I Nll" o22 it'lut 22i a i~2t ( If2 if )(2 l il' OH222 a ( oXXg\911' 1 ))1-( iv, ill Ia 1 2c 22te faiial legion,

ACKNOWLEDGEMENTS

11 222, l,I,r toVl 2(22(k22((22l((gj2 141.' l 11 j1 2 .(,( i I . I: ll.2222 2h2!l '.\ l ýI rofl.

REFERENCES

1 -J-U \nguo> I-.A. Hluck, MI. S22(klra. 1. 1'(rotli C. C. I122\21222. and1( HI ;2. Ca.\Il(6

Bulcin 1989 ((hi.). :1.

I2 .. C. Ai2622'. I'roc. of S!1~p'/(2(/(. (2222 Aa/)2mold (222(1 Illlo((2,2(II( 110(riat2 (2. 1151
Mve2).) (( 1 11c 1-1(1coro('12(22i(2l Sw(6l\.%l, \2gl~ Los it \~. N' i.l.

[3] A. H. lBadzianan((d Hf. C . Ih)ric Malvr. Hv>. Buill. 23. :S5

[4] XW. A. Yarbrou2gi2 and( HI. MI('si('r. S(ciVIcnc 247. (iSS (1990).)

H5 K. IKok I(2(ii.ý.Iý\ s I jI initira.Y. K~v I c, ;ill( 2(I2 FI. Io riuchi2 I'll.\. 1?,,. 11 38. 1l67 t, N

[6i] I). N. HI ic Io I I I 1 S . seI I I I I icg. J. \*ill. S(i. I c, I II. .A 8. 2373(1 99 )

J7 1 B. FK. XWflij 2 > and( 1. T. (;Ia(.. A. Mhtr-. He,. 4. :373 P 199).

[s IS. hijiIa. Y. .Xik2(w2. K\. Baba(. 1. Miller. Re'. 6. 1191 1991 ).

[11,1. WV, Haa2s. J. Y. Cr201. and! (. .1. IDoolev\ 111.. \ý ppL.'hs 43. ks"Y1 1972).

1Ill] L.. C . (I(v~i(222(2 6(21 -. XW. Ma \er, Fldi2(2(I((2, (((21 of .(2(fi2(( Itill/ 11(222 /122 <W (2ipn
(Nort 12-Ifo116(2I New York, 1986i). 1p. 271.

LI I] S. W~olf a222 HW N. Tal2216w S.'ilicon 1'(oce*,>((2! for //22 ILý I.llra. Vol. 1 i; ~ s
Vvinoio(1(gy (Lattice lPrcss. ST.ii~vt Heacl,, 1986). pp P),S-2 12.



127

ELECTRONIC STRUCTURE OF N-V CENTERS AND TERAHERTZ,
SPECTROSCOPY OF DIAMOND

D.A. REDMAN*, Q. SIlU*, S.W. BROWN*, A. LENEF*, Y. LIU*, J. WHITAKER*,
S.C. RAND*, S. SATOH**, K. TSUJI** AND S. YAZU**

*Dept. of EECS, University of Michigan, Ann Arbor, MI 48109-2122
**Sumitomo Electric Industries, Ltd., hami Research Laboratories, Hyogo, Japan

ABSTRACT

We report an essentially complete characterization of energies and relaxation processes
of the lowest seven electronic states of the N-V (nitrogen-vacancy) center in diamond using
several different nonlinear laser spectroscopic techniques. We have also applied ultrafast
optical techniques to measure dielectric properties of CVD and bulk diamond in the 0.3-1.6
THz range for the first time.

INTRODUCTION

The N-V center with zero phonon absorption at 637 nm is one of the simplest and
most studied radiation-induced centers in nitrogen-containing diamond 11I. It was somewhat
surprising therefore that Manson and co-workers 121 recently questioned earlier assignments
of its electronic states. However, their viewpoint was fully substantiated by subsequent
work of Redman et al. 131, who used a combination of EPR and nearly degenerate four-wave
mixing spectroscopy to show directly that the ground state was a spin triplet rather than a
singlet as suggested earlier by Loubser and Van Wyk 141. Here we present new results of
high resolution optical spectroscopy involving persistent hole-burning, stimulated photon
echo and two-beam coupling observations which conftrm and extend these findings.
Persistent hole-burning was used to determine zero field splittings of the ground and excited
triplet states due to spin-spin interactions. Echo techniques with femtosecond pulses revealed
quantum beats at oscillation frequencies in agreement with the hole-burning results. These
short pulse experiments also characterized fast relaxation processes of the center. Two-beam
coupling with frequency-locked dye lasers was used to elucidate slow decay processes.

We have also measured real and imaginary parts of the dielectric tensor for diamond in
the Terahertz (THz) frequency regime. Preliminary results reported here were obtained by a
precise ultrashort pulse technique 151 applied to bulk single crystals and free-standing CVD
polycrystalline films. Broadband bursts of Terahertz radiation were generated by ultrashort
optical pulses on a low-temperature-grown GaAs photoconductive dipole antenna, then
collimated and passed through the material under study to an identical dipole receiver gated
with variable-delay, synchronized pulses trom the same laser. CVD diamond crystallite sizes
were very much smaller than a wavelength, so these measurements furnish accurate values of
refractive index and loss tangent over a broad range of millimeter wavelengths when film
thickness is known. These values are the same as would be measured for dielectric constant
and conductivity in single crystal diamond films of equivalent density and composition.

EXPERIMENTAl.

Sample preparation has been described elsewhere, in reference 131, and there it was
shown in a direct manner that the ground state of the N-V center is a spin triplet. Still earlier,
uniaxial stress studies 161 showed that the first parity-allowed optical transition is between a
ground state of A and an orbitally excited state of E symmetry. Consequently, with the
further result from 131 that a metastable state exists between 3A and 3E. the electronic energy
level scheme of Fig. I is obtained for the center. All states shown are wtthin the gap.

Mal. Res. Soc. Syrup. Proc. Vol. 242. 1992 Materials Research Society
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3
B E=13>, 14>

S1 A=15>

A~ A=11>'12>o

Figure 1. Energy levels of the N-V center in diamond.

Persistent Spectral Hole-Burning

Small spin splittings, such as the one labelled A in Fig. I between singly and doubly
degenerate sub-levels of a triplet orbital state (partly split in zero field by spin-spin
interactions), can easily be measured by electron paramagnetic resonance if they occur in
ground states. More generally however, both ground and excited state splittings can be
measured using various forms of optical hole-burning spectroscopy, which records
transmission versus frequency following narrowband laser excitation. Here we first present
persistent hole-burning measurements of the splittings A and B depicted in Fig. I for the N-V
center. We then compare them with quantum beat measurements and in later sub-sections
consider relaxation dynamics of the center and Terahertz response.

S

C

-50 3 0 .1.0 1 0 3.0 0

Detuning (GHz)

Figure 2. Persistent hole-burning spectrum of the N-V center at 637.87 nm at T=6.5 K.

Optical pumping among the ground and excited spin states of the N-V center was
accomplished at liquid helium temperatures with radiation from a cw% dye laser tuned to the
zero phonon resonance at 637 nm. The re-distribution of population among homogeneous
groups of N-V centers within the broad absorption linewidth (hole-burning) was observed by
probing absorption changes induced by the pump laser on a fine frequency scale. In OUT
experiments, we observed both transient and persistent changes in absorption in the detuning
range 0- 10 GHz. Below 70 K, it was possible to observe the spectrum of Fig. 2 after delays
of up to an hour by tuning a weak probe beamn through the spectral region of the "bleaching"
laser. The extraordinary persistence of "satellite" features- seen in this spectrum was
previously unexplained 171, but aill features can now be accounted for by assigning zero field
triplet spin splittings of A=2.88 Gtiz and B--0.65 GHz. That is, all holes appear at
frequency shifts of ± A, ± B, ± (A- B), ± (A+B), or ± (A± 2B3). The value for A is in excellent
agreement with ground state EPR 13,41, whereas B has not been measured previously.

JC

IC
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Ultrafast Ouantum Beat Soectroscopv

A direct, all-optical method of verifying splittings in, ;. h iplet manifolds and of
measuring the values of A and B is to observe fluorescence or coherence decay following
short pulse excitation. This method relies on preparation of a coherent superposition of the
two 3 A and the two 3E states, and observation of interference between dipole-allowed
transitions in subsequent emission of the system. We used cavity-dumped 800 fs pulses
from a two-jet, synchronously mode-locked DCM dye laser to excite the N-V center at 637
nm. Two counter-propagating pump pulses mixed with a weak probe pulse within the
sample to generate an accumulated 3-pulse echo propagating opposite to the probe and
exhibiting the dependence on delay shown in Fig. 3.

6-

"4.

0

04-
-1 0 1 2 3 4 5

Delay (ns)

Figure 3. Three-pulse stimulated echo signal versus probe delay for A=637 nm at T=6.5 K.

The observed oscillations for co-polarized beams occurred at a frequency of 2.2 GHz
as determined by FFT analysis. This frequency is in excellent agreement with the difference
frequency A-B of the two spin-allowed transitions between the ground and excited state
manifolds expected from persistent hole-burning results. Here however, state splittings are
implicated directly, without appeal to complex optical putniping and storage processes due to
the ultrafast excitation mechanism. Interestingly, signals are also observed for
cross-polarized forward pump and probe beams. These signals presumably originate from
higher-order coherence among the sub-levels of each manifold. The temporal decay of the
quantum beat envelope yields the dephasing time of the 3E state directly. At 6.5 K this
amounts to a few nanoseconds. The population decay time, obtained in separate
measurements with delayed backward pump pulses, is 13.3 ns. These are the fast relaxation
processes of the N-V center.

Two-beam coupling

Slow decay processes are ordinarily measured by fluorescence or phosphorescence decay
experiments. However, if the decay is non-radiative or the wavelength of emission is
unknown, frequency-domain techniques like four-wave mixing or two-beam coupling can be
very useful.

In Fig. 4 the gain spectrum for a probe wave passing through a bulk single crystal of
diamond containing N-V centers illuminated by a strong pump wave is shown. The two
beams cross at a small angle in the sample, and spectral variations in the energy transfer
between the two beams are well-known to depend sensitively on decay times of internal
population dynamics of the center under study 18J. Since the basic relaxation processes
within the N-V center have been described previously 131, we can compare the results of
two-beam coupling quantitatively with earlier work.
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We find that two exponential decay processes are required to describe the observations in
Fig. 4. The two-beam coupling spectrum itself is therefore a superposition of in-phase and
out-of-phase components of two contributions from distinct dynamical pro, cesses. The fitting
parameters consist of the corresponding relaxation times tt and t2, and real and imaginary
parts of the nonlinear refractive index n2. The solid curve in the figure is a least squares fit to
room temperature data with tt= 50± 2 ms, t2 = 0.64± .01 ins, and n2 "/n2'= -1.01 - .04. For
comparison with earlier determinations by four-wave mixing (NDFWM), two-beam coupling
was also performed at 77 K with the result that tj= 92± 30 ins, t2= 1.1 -I1 Ims, and and
n"/n 2 '= -0.9± .1. Excellent agreement is obtained for t2 when compared to the precise
NDFWM determination t2=l.170±.003 ms, whereas ttis somewhat shorter than the
NDFWM value 265.3± .6 ms. However tj from beam coupling does approach the NDFWM
value as intensity and chopping duty cycle are reduced. This indicates that the qualitative
description of the diamond beam coupling spectrum is excellent and the quantitative
comparison with earlier results satisfactory. On this basis the two components t1 and t2 in

the beam coupling spectrum may be identified as arising from intersystem crossing (tA-->
3 A) and spin-lattice relaxation (3A(b)--> 3A(a)) respectively.

Jl

-20]00 -ý000 0 1000 20
-~ Detuning (Hz)

Figure 4. Two-beam coupling signal versus pump-probe detuning. The solid line is a least
squares regression based on two-component nonlinear response.

Terahertz spectroscopy

Single cycles of Terahertz radiation of approximately 600 fs duration were generated
by 100 fs optical pulses incident on photoconductive antenna structures integrated on GaAs
wafers. Collimation was accomplished using a hyper-hemispherical Silicon lens constructed
of high resistivity material. Detection relied on a similar arrangement in which the receiver
voltage was sampled with 100 femtosecond timing accuracy using optical pulses derived
from the same laser. In Fig. 5 the real and imaginary parts of the dielectric constant
determined in this way are presented for two nominally undoped, free-standing diamond
films of area 1 cm 2 and thicknesses 20 and 60 gm grown by filament-assisted chemical vapor
deposition (FACVD).

When losses are dominated by free carrier absorption, the variations in the imaginary
index reflect changes in the bulk conductivity versus frequency. Thus, given accurate
determinations of film thickness, data such as that in the lower curve of Fig. 5(b) provide an
elegant method for characterization of millimeter wave conductivity over a very wide band.
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Figure 5. (a) Detected Terahertz pulsed field strengths versus time, with and without a
free-standing FACVD diamond film (estimat 20/am thickness) placed between transmitter
and receiver. (b) Refractive index and conductivity of the diamond film derived by
preliminary analysis of pulse envelope modulation and phase delay.

The rapid rise in the real index toward lower frequencies evident in Fig.5 is
incompletely understood at this time, but is probably due to low frequency electromagnetic
resonances associated with dangling bond and impurity spin excitations. Systematic
measurements are in progress to correlate these parameters with film morphology, doping
and growth conditions as well as to make direct, quantitative comparisons with bulk single
crystals.

SUMMARY

Determinations of the electronic structure and dynamics of the lowest seven states of
the N-V center in diamond constitute the main results of this work. We have made high
resolution observations of the splitting of doubly degenerate and singly degenerate spin states
associated with the orbital singlet ground state and the lower component of the orbital doublet
excited state, in zero field. Results obtained by persistent hole-burning agree well with those
from quantum beat spectroscopy. Evidence 131 for the existence and relaxation rate of a
postulated intermediate 1A state has not been discussed here, but completes our picture of
lowest-lying energy states of the center.

Fast population decay, optical dephasing and slow dynamics due to intersystem
crossing and spin-lattice relaxation have also been studied. The decay constants associated
with each state were determined accurately with a combination of photon echo and beam
coupling techniques. Overall, our measurements constitute a rather complete picture of the
electronic structure and fundamental relaxation processes of the N-V center. Finally we have
presented preliminary measurements of dielectric properties of CVD diamond at Terahertz
frequencies using all-optical techniques easily extendable to other widegap semiconductor
thin films.
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ELECTRICAL PROPERTIES OF FINE GRAIN COMPOSITE CARBON FILMS

Hsiung Chen and R. 0. Dillon
Electrical Engineering Department and
Center for Microelectronic and Optical Materials Research,
University of Nebraska, Lincoln, NE 68588-0511

ABSTRACT

We have studied the electrical properties of boron doped composite films that consist

of diamond and amorphous carbon. These films were deposited by hot filament chemical

vapor deposition at a relatively high carbon/hydrogen ratio. The mixture of trimethyl borate

vapor, and methane served as a source gas. The composite films had much smoother

surfaces than polycrystalline diamond films.
The surface morphology and average roughness were determined by scanning

electron microscopy (SEM) and atomic force microscopy (AFM). Raman spectroscopy and

x-ray diffraction were used to analyze the structure of the films.
A composite film grown with 4% methane in hydrogen had a higher resistivity than

a well faceted diamond film grown at 0.5% methane. In contrast to hydrogenated
amorphous carbon films which have a lower resistivity after thermal annealing, the

resistivities of composite films increased by a factor of two to ten after 3 hours annealing at
600'C.

INTRODUCTION

Th ,esistivity of diamond and an amorphous sp 2 material are fundamentally
different because the electrical conduction mechanism of a crystalline semiconductor is not

the same as that of an amorphous semiconductor, An undoped polycrystalline diamond film

usually has a resistivity > 10 8 ohm-cm [1,2]. However, as the quality of diamond is

degraded with a small amount of sp 2 structure, the resistivity becomes less than 10 8
ohm-cm. On the other hand, the resistivity of amorphous carbon films can vary from
10 -3 to 10 16 ohm-cm [3,4], depending on the hydrogen concentration and carbon bonding
structures.

The purpose of this work is to systematically study the electrical properties of

carbon films as a function of carbon sp2 /sp 3 ratio and boron doping level.

EXPERIMENTAL

Semiconducting films made of diamond and amorphous carbon were grown in a hot

filament assisted chemical vapor deposition chamber. The deposition conditions were

chosen at a typical setting for good diamond growth and the parameters are listed in
Table I.

The only two variables are carbon/hydrogen ratio and boron concentration. The

growth rate as indicated in the Table I is relatively low. That is because a large distance

between hot filament and substrate was used in order to get uniform films over a large area.
Trimethyl borate (TMB) was used as doping source. The tungsten filament was carburized
prior to film growth and during deposition the temperature was kept at the relatively low

temperature of 2000°C in order to minimize metal contamination. Three series of eleven
samples were prepared for this study and they are shown in Table II.

The surface morphology and average roughness were determined by scanning

electron and atomic force microscopy. The structures of the film were qualitatively studiei

by Raman spectroscopy and x-ray diffractometry.
Since our substrates were highly doped silicon, 10-20 ohm-cm, free standing films

were made by etching off the substrate prior to the resistivity measurement. Resistances

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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were measured by four point probe from room temperature up to 700'C using a Keithly 224
current source and a 617 electrometer. In addition, W, Al, and Ti point probes were used
for studying the metal contacts.

Table I. Experimental parameters.

Tungsten filament temperature 2000'C
Heater temperature 800°C
Estimated substrate surface temp. 850°C - 900'C
Substrate - filament distance 10 mm
Gas flow rate

CH4 + TMB* 0.5 - 4.0 sccm
H2 99.5 - 96.0 sccm

Total gas flow rite 100 sccm
Total gas pressure 20 torr (26.7 mbar)
Deposition time 20 hours
Growth rate 0.15 - 0.4 Mm/h

* TMB = trimethyl borate

Table II. Sample notation, room temperature
resistivity, growth rate, and average surface roughness.

CARBON/HYDROGEN RATIO
0.5% 1.0% 2.0% 4.0%

SERIES U U(0.5) U(2.0) U(4.0)
UNDOPED
Resistivity 4.6x10 4  1.5x104  1.2x10 8

(ohm-cm)

SERIES L L(0.5) L(1.0) L(2.0) L(4.0)
LIGHTLY DOPED
Resistivity 510 44 40 7.9x10 3

SERIES H H(O.5) H(1.0) H(2.0) H(4.0)
HEAVILY DOPED
Resistivity 60 7.0 5.6 450

Growth Rate 0.15 0.25 0.40 0.30
(Mm/h)

RMS Roughness 182 113 104 13
(nm)

RESULTS AND DISCUSSION

Surface morphology and structures

Fig. I shows the effect of the methane concentration change on the surface
morphology. The root mean square roughness measured by AFM is listed in the bottom of
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Table It. This data shows that the roughness of diamond films can be reduced by more than
an order of magnitude with the addition of an sp 2 phase. The growth rates are 0.15, 0.25,
0.4, and 0.3 Am/h for gas combinations of 0.5%, 1%, 2%, and 4% methane in hydrogen,
respectively. The reduced growth rate at 4% methane is possibly due to significant amount
of carbon precipitating on the filament during growth. The addition of the TMB vapor for
doping in the source gas neither changed the growth rate nor the surface morphology.

The corresponding Raman spectra for different carbon concentrations are shown in
Fig. 2. It indicates that the higher the carbon concentration, the broader and weaker the
Raman diamond peak. For the film grown at 4% methane, the sp 2 peaks are the
dominated features, and the diamond signal is too weak to be identified. Based on these
Raman spectra, we conclude that the sp 2 /sp 3 ratio of the films increased with a rising
methane concentration.

Fig. I The surface morphology of diamond films with methane concentrations of (a)4%,
(b)2%, (c)l%, and (d) 0.5%. All SEM micrographs were taken at same magnification.

(0) x--- - -1 7)

E
(d) (X o. 5)

1100 1300o 15ý00 ' 1700

Wavenumber Shift (cm -1)

Fig. 2 Raman spectra of diamond films with methane concentrations of (a)4%, (b)2%,
(c)2%, (d)0. 5 %.
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X-ray diffraction spectra of samples L(0.5) and L(4.0) are shown in Fig. 3. The
broad small peaks of sample L(4.0) are from diamond (111) and (220). This indicates that
small-grain diamond is in this film even though it is not identified in the Raman spectrum.

3000 •

4 2000

-I

30 40 00 60 70
30;, tho 6 D C. F

Fig. 3 X-ray diffraction patterns of sample L(0.5) and L(4.0).

Resistivity

Surface contamination can be a serious problem for resistivity measurements [5].
Thus, a low power oxygen plasma was adopted for surface cleaning. The resistances
measured before and after cleaning process were the same for all eleven samples.
However, on some of our older samples, the plasma cleaning changed the resistance
reading by as much as three orders of magnitude.

The room temperature resistivity results in Table Ii show that a small sp 2
concentration in a diamond film will decrease the resistivity while a large sp 2
concentration will increase it.

Heating can significantly influence electrical properties of the films. Some groups
[6,7] reported that the existence of hydrogen in diamond films may lower the resistivity.
They found that after annealing at a temperature as low as 400'C, the resistivity increased
by a few orders of magnitude. Therefore, we studied the annealiiig effect. However, after
3 hours annealing at 600'C, our results for all series showed the resistivity only increased
by a factor of two to ten. The films with the largest amount of sp 2 component increased
the most in resistivity. Thus, in contrast to hydrogenated amorphous carbon, our
amorphous carbon dominated film had a higher resistivity after annealing. Fig. 4 shows the
resistivity as a function of inverse temperature. The activation energies decreased with
increasing boron concentration in agreement with other work [8].

We plan to do further work to understand why the films with the largest sp 2

components have the highest resistivity and largest increase of resistivity upon heating.
Perhaps the sp 2 contains very little hydrogen and is therefore very different hydrogenated
amorphous carbon. We are planning to work on the distribution and electrical percolation
of the sp 2 and sp 3 phases as a function of temperature.

Since there is no natural solid oxide compound for carbon, the composite film with a
high resistivity could be used as a passivation layer for the application of diamond electronic
devices.

Metal contacts

Fig. 5(a) shows a typical rectifying current-voltage characteristic of a Ti contact on
undoped polycrystalline diamond film. For all the boron doped samples, Al, Ti,and W
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contacts showed ohmic characteristics and a typical result is shown in Fig 5(b). Besides the
effect of doping, small amount of amorphous component on the surface also can enhance
the ohmic contact [9,10]. However, our film with the greatest sp 2  content showed a
nonlinear I-V characteristic when a large voltage range was used. (see Fig 5(c))
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Fig. 4 Resistivity vs. Fig. 5 (a) I-V characteristic of
reciprocal temperature. rectifying contact.(Ti on diamond)

(b) A typical ohmic I-V characteristic
of a doped film. (c) Non-linear I-V
characteristic of amorphous carbon film.



138

SUMMARY

Three series of diamond films with different boron doping level and carbon
sp 2/sp 3 ratio have been studied by means of electrical resistivity and metal contacts. It is
shown that the electrical resistivity of diamond films can be strongly affected by non-
diamond components. In a high purity diamond film, small amount of sp 2  carbon can
reduce its resistivity. However, when the amorphous carbon is the dominant component in
the film, the resistivity increases drastically, and the increase of resistance caused by
annealing is the greatest.

This composite carbon film with a high electrical resistivity can be utilized a
passivation layer for diamond thin film devices since there is no natural solid oxide for
carbon.
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ABSTRACT

Raman scattering and photoluminescence spectroscopies have been used to characterize
polycrystalline diamond films deposited on molybdenum substrates by laminar and turbulent
premixed oxygen-acetylene flames in air. Samples deposiied under laminar flame conditions
are characterized ny a high degree of incorporation of nitrogen-vacancy complexes. However,
samples deposited with a turbulent flame show a significant deti ease in the concentration of
these defects and a reduction of the amorphous carbon film component.

INTRODUCTION

One of the most challenging problems in diamond film research has been the growth of
high quality, monocrystalline films on a heterogeneous substrate. Solution of the problem re-
quires an improved understanding of the nucleation and growth mechanism, which in turn may
depend on the details of the deposition technique.

Combustion assisted chemical vapor deposition (CACVD) in open atmosphere has at-
tracted the attention of many research groups bccause the instrumental simplicity and high
growth rate (1,2). One of the basic problems with this technique, other than the polycrystal-
linity of the films, is the undesirable incorporation of nitrogen impurities during the film
deposition (3,4). Recently, Snail et al. (5) have reported the synthetization of polycrystalline
films in a turbulent flame with very low levels of incorporation of nitrogen impurities. These
results are very important since they allow the possibility of the study of in situ doping.

In this work we report a comparative study of polycrystalline films deposited in molyb-
denum substrates using laminar and turbulent premixed oxygen-acetylene flame, in air. Low
and high resolution room temperature Raman scattering (RS) experiments were used to
evaluate the film quality. Low temperature photoluminescence (PL) experiments were per-
formed to monitor the incorporation of nitrogen and nitrogen-vacancy complexes.

EXPERIMENTAL TECHNIQUE

We have examined free-standing films deposited on molybdenum substrates by
CACVD, in the laminar and turbulent flame regimes. The film deposition was performcd in
ambient air using a commercial oxygen-acetylene brazing torch with 1.17 mm and 1.85 mm
diameter orifice tips for laminar (I) and turbulent (5) flame conditions, respectivel). High
purity oxygen (99.99%) and acetylene (99.6%) were used as source gases, with the acetylene
passing through an activated charcoal trap to remove residual acetone (6). For the samples ex-
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amined in this work the ratio (Rf) of the oxygen-acetylene flow varied from 1.017 to 1.080.
The substrates were positioned in the feather about 1-2 mm from the primary flame front, and
adjusted so as to maintain a surface temperature - 900'C. The substrate temperature was ad-
justed by varying the fraction of the length by which a 3/8" threaded molybdenum rod was in-
serted into a threaded hole in the water cooled copper substrate mount (2). The substrate
temperature, during the growth, was monitored with a two-color infrared pyrometer. The films
deposited under laminar flame conditions are nearly transparent in the center, degrading to a
gray-brown color at the edges, with crystallite size varying from sub-micron to a few microns.
Similar morphology was observed in films deposited with flames in the turbulent regime, ex-
cept for the absence of the colored rings. An observed decrease of the film growth rate under
turbulent conditions by a factor of two or three, may be associated with simultaneous etching
(5).

The RS measurements were carried out at room temperature. The 514.5 nm and 488.0
nm argon ion laser lines provided between 10 and 100 mW of laser power with the laser spot
size of approximately 150-200 jum. The scattered light was dispersed by a scanning double
grating spectrometer with 85 cm focal length and a built in spatial filter to increase the straight
light rejection. The analyzed scattered light was detected by a GaAs photomultiplier tube, op-
erated in a photon counting mode.

The PL measurements were performed with the -ample at 5-6 K, by means of a ltiquid
and/or continuous gas flow He cryostat. The sample temperature was monitored by a solid
state sensor located in the copper sample holder, and its temperature was stabilized by a
temperature controller with sensitivity of ±0. I K. We have used the UV and blue (351.1 nm,
457.9 nm, 476.5 nm and 488.0 nm) argon ion laser lines to excite the defects ir- our sampie,
however we will present only results with the 488.0 nr. (2.54 eV) laser line. The light emitted
by the samples was dispersed and analyzed by the same experimental set-up as was used for the
RS experiment.

RESULTS AND DISCUSSION

The low ten."erature PL spectra of two films deposited in the laminar flame regime are
presented in Fig. 1. rhe spectrum (a) is from a sample grown with Rf = 1.017 and substrate
temperatur_ (Ts) varying between 885 and 915'C. The spectrum (b) was obtain from a sample
grown with Rf = 1.031 and Ts = 890'C. Both spectra are similar in regard to the overall shape
of PL spectrum and the number of observed defect PL bands. Ditferences in the spectra in-
clude the reduction of the zero phonon line (ZPL) linewidth (reduced by 4 to 5 times), in spec-
trum (b), and the relative intensity between the Raman peaks associated with the diamond and
the amorphous carbon (a-C) content. The gradual increase in the spectral intensity observed on
the high energy side of both spectra are due to laser Raleigh scattering. The peak "1" at 2.465
eV is the ZPL of the H3 center, which may be associated with a single vacancy (V) complexing
with a nitrogen (N) cluster (N-V-N?) (7). The peak "2" at 2.375 eV is the first order TO/LO
phonon, and the first broad shoulder on its low energy side is the phonon associated with the a-
C film content. Two other features, clearly observed in spectrum (b), are the small peaks at
2.282 eV ("3") and 2.156 eV ("A"). The first feature has not been correlated with any defect
previously observed in natural diamond, and the second feature is the 575 nm centwr which has
been tentatively assigned to a nitrogen-vacancy complex (V N-V?) (7). The most intense peak
("5") in the spectra is the ZPL at 1.946 eV t637 nm center) which has been assigned to a single
nitrogen-vacancy pair (N-V) (7,8).

Fig. 2 shows the first order low resolution Raman spectra of the same samples analyzed
on Fig. I. High resolution measurements (bandpass - ±0.25 cm- 1 ), carried out on these

'1 _- nl Il ll N l l l~ll
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Fig. 1. Photoluminescence spectra obtained at 6K from two CACVD films deposited in the
laminar flame regime. The peaks "1,3, and 4" are due to nitrogen-vacancy complexes. The
peak "2" is the first order diamond phonon, and the peak "3" is an unidentified center. The
spectra (a) and (b) have been offset in the vertical axis.
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Fig. 2. Low resolution room tempejature (RT) Raman spectra of the two films shown in Fig. 1,
The phonons are represented as peak "2" in Fig. I. The spectra (a) and (b) have been offset in
the vertical axis.
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samples, yield a phonon peak position at 1333.60 cm-1 and full width at half maximum
(FWHM) of 4.53 cm-1 in spectrum (a), and 1333.30 cm- I and FWHM = 2.94 cm- I for the
phonon in spectrum (b). In Fig. 2, taking the phonon intensity as reference, we observe a rela-
tive reduction of the PL background and the a-C component in this films.

The -35% reduction of the linewidth of the ZPL and first order phonon lines is corre-
lated with the decrease of the a-C component in the films. This observation is consistent with
an increase in the average crystallite size (9) which yields higher quality diamond as well as
reduced grain boundary regions, which are the likely location of the a-C deposits(10).

In Fig. 3 is shown the first order low resolution Raman spectrum of a polycrystalline
diamond film deposited at Ts = 900'C in a premixed (Rf = 1.08) turbulent oxyacetelene flame.
The extremely low PL background and a-C content in this film is noted. High resolution
Raman measurements yield a phonon peak position at 1333.30 cm-1 and FWHM of 3.00 cm- 1.
For calibration and comparison, we had performed high resolution RS measurement (bandpass
- +0.25 cm-1) in a natural type Ila diamond heat sink. The result is a phonon peak position at
1333.50 cm- 1 and FWHM of 2.40 cm- 1. The agreement (within experimental error) of the
phonon peak position for films grown in the laminar and turbulent flame regimes with the type
Ila diamond suggests that the films are rather strain free (10). The 25% phonon line broaden-
ing observed in the FWHM of our films in comparison with the type Ila diamond seems to be
associated with the polycrystalline character of the films, in which grain sizes vary from the
submicron level to a few microns. It needs to be emphasized that many crystallites and inter-
grain regions are probed with the relatively large laser spot size used in the present experiment.
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Fig. 3. Low resolution room temperature (RT) Raman spectrum of an CACVD film deposited
under turbulent flame condition. The phonon peak position is represented as peak "2" in the PL
spectra (Fig. I. and Fig. 4.)

The low temperature PL spectrum of the film analyzed in Fig. 3 is presented in Fig. 4.
[his spectrum is quit different from those shown in Fig. 1, since the dominant feature is the
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strong first order phonon peak at 2.375 eV. The defect ZPLs and side band phonons are ex-

tremely weak, and can be observed only with a high gain scale. The continuous decrease in PL

intensity from the begin of the spectrum to 2.48 eV is due to the laser Raleigh scattering. The

broad feature between 2.1 and 2.0 eV is probably due to the spectrometer response. The domi-

nant emission of the 637 nm center (N-V) as observed in Fig. 1, has been reduced to a weak

band from 1.95 to 1.70 eV, in Fig 4. The regularly spaced small peaks from 1.75 to 1.4 eV are

due to interference effects in the film. It is emphasized that the strong PL background domi-

nated by intense side band phonons generally observed in laminar flame deposited samples, has

been replaced by a weaker, almost featureless background in the sample deposited under tur-

bulent flame conditions. The weakness of the a-C component observed in the low energy side

of the phonon in Fig. 4 is also noted.

"3 -- b Turbulent Flame

S6K
488.0 nm
20 mW

0

zii

-J-

n 2
0

0
2.4 2.2 2.0 1.8 1.6 1.4

ENERGY (eV)

Fig. 4. Low temperature (6 K) photoluminescence spectrum of the CACVD film analyzed in

Fig. 3. The peak "2", the first order diamond phonon, is the singly dominant feature observed.

CONCLUDING REMARKS

Low and high resolution RS experiments were successfully carried out on polycrystal-

line films deposited on molybdenum substrates by CACVD to evaluate the material quality.

Although good quality films can be deposited with laminar flames, films deposited in the tur-

bulent flame regime show very low amorphous carbon content and very small PL background.

Low temperature PL measurements of films deposited under laminar flame conditions exhibit

the presence of strong luminescence bands associated with nitrogen-vacancy complexes proba-

bly incorporated during the film deposition (3). PL experiments performed in samples

deposited under turbulent flame conditions reveal an extremely low level of nitrogen-vacancy

complexes. This result is extremely important because low level of intrinsic impurities and

defects are basic requirements to achieve controlled doping.
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ABSTRACT

We describe the applicability of oxygen based Electron Cyclotron Resonance (ECR)
etching of diamond for the purpose of fabricating electronic test structures and recessed gate
field effect transistors. Boron doped homoepitaxial diamond films grown in a microwave
assisted CVD reactor were used for this study. Etch rates from 8 nm/mill up to 0.5
lim/min. were achieved depending on etch parameters.

INTRODUCTION

Diamond, when considered as a semiconductor material has properties that make it
attractive for high temperature, high power electronics'. To date, processing techniques are
limiting the advancement of diamond film electronic devices. Controlled etching is an
important processing step for microelectronic device fabrication. However, the chemical
inertness and hardness of diamond make it difficult to remove surface layers in a smooth
damage-free manner. Several techniques have been investigated for the purpose of etching
diamond. For example, ion beam etching2, reactive ion etching3 , and electron cyclotron
resonance (ECR) etching with -500 Volt external bias4 have all produced uniformlv etched
structures in diamond. These techniques involve ion energies in excess of those where ion
bombardment can result in damage of diamond, which according to Ref. [5] can be as low
as 150 eV. Chemical methods of etching diamond such as oxidation of CVD diamond films
in oxygen containing ambients6 resulted in pitting of the diamond surface. In this work we
report on the ECR etching of boron doped homoepitaxial diamond film, with ion energies
below 50 eV 7 .8, for the purpose of electronic applications. This method of etching was used
to fabricate test structures, and recessed gate diamond thin-film field effect transistors".

EXPERIMENTAL

Boron doped homoepitaxial diamond films were grown on natural type la insulating
diamond crystals which were cut and polished along the (001) plane. The film was deposited
using a microwave plasma assisted CVD apparatus described elsewhere'. The growth
parameters were as follows : 2.45 GHz, 1.2 kW microwave source; substrate temperature
910'C (as measured by optical pyrometer), and 100 sccm gas flow of 1% C114 in H, at 80
Torr pressure. Boron doping was achieved by introducing diborane, B1,tII, into the feed gas.
The boron to carbon ratio in the plasma was 0.9 - 7.5 x 10-1. The surface of the diamond
film was chemically cleaned in a saturated solution of (NH 4 ),S,O, in H2SO, at 200°C and
subsequently rinsed using a 1:1 solution of 11,0, and NH 4OH at 70'Ce9 . This cleaning

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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procedure was found to be effective in removing the conductive layer which is present on
the surface of homoepitaxial diamond film without leaving as much particle contamination
as the chromic acid-based clean procedure described in Ref. [1ll.

Sputter deposited SiO 2 served as the masking material for the etching experiments. The
oxide was sputtered in 3 millitorr Ar for 8 minutes, with 150 Watts forward power and no
substrate heating. This resulted in an oxide thickness of 100 nm. The SiO, was patterned
with photolithography to produce a matrix of resistivity measurement bridges.

The ECR plasma system used in these experiments is shown in Fig. 1. The 2.45 GHz
ASTEX microwave source was coupled through a tunable waveguide to the reactor
chamber. The sample was mounted on an electrically isolated stainless steel stage and
inserted into the chamber with the sample surface perpendicular to the gas flow. The
reactor chamber was evacuated to < 10-5 Torr with a 514 liter/s turbomolecular pump. The
reactant gases (02 with possible Ar dilution) were then bled into the chamber through
separate needle valves. The pressure of the reactant gas(es) was measured with a baratron
type pressure gauge. In all the experiments the microwave power was 1000 Watts and
typical run times were 10 to 20 minutes. After etching the SiO 2 was stripped in hydrofluoric
acid, and etch depth was determined with a profilometer.

RESULTS AND DISCUSSION

In the first etching experiment the sample was inserted in the center of the ECR plasma
region, 16.5 cm from the microwave window (see Fig. 1) and the stage was biased at -500
V with respect to the chamber walls. The plasma was struck in 0.4 millitorr of oxygen. In
less than 5 mins., the sample and stage were glowing red hot and the diamond was etched
at a rate of approximately 0.5 um/min. These etch conditions were not uniform over the
sample area and the etch was excessively high for our applications. Subsequent experiments
were all carried out 53 cm downstream from the microwave window. (See Fig. 1) When the
sample was positioned in this area, no dependence of the etch rate on substrate bias was
observed. (See Fig. 2) When no bias was applied, negative 6.4 V was measured on the
substrate during etching. As shown in Fig. 2, the etch rate was widely scattered under

SAMPLE LOCATED

IN PLASMA - -

cý 0.4

t 5¢m sample holder
6.5c ownstream 0 0.3

2.4 GHz 5CR ptam W

0.1

0 -100 -200 -300 -400 -5oo
BIAS, V

Fig. I Schematic drawing of the Fig. 2 Etch rate vs. substrate bias
ECR diamond etching system with respect to the chamber.

* - etch rates for one part-

icular sampte.
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identical experimental conditions. In order to eliminate the possibility of sample variations
being responsible for the observed scatter, identical etching conditions were repeated many
times for one particular sample (solid circles, Fig. 2). No explanation can be given at this
time for the irreproducible etch rates with pure oxygen plasmas. However if the oxygen is
diluted with 2.7 mTorr of argon, then the etch rate drops drastically and becomes more
repeatable, see Fig. 3. As a control experiment etching of a diamond film was attempted
with argon at 2.7 millitorr as the only reactant gas; no etching was observed.

Typical etched structures are shown in Figs. 4,5. Profilometry measurements of the
etched areas indicated a surface roughness of less than 10 nm which is comparable to that
of the substrate.

ECR etching is useful in fabricating FETs with boron doped CVD diamond films'. It
may have an advantage over the selective growth"2 procedure for FET fabrication in that
contamination of the growing diamond film from the SiO, growth mask is avoided. In order
to demonstrate the applicability of ECR plasma etching to diamond film electronics, we
have used it to perform spreading resistance measurements. A four-terminal bridge
structure, shown in the insert of Fig. 6, was fabricated on the diamond film using ECR

500 l000 Is00 20,j

Fig. 3 Histogram showing increased

etch rate reproducibility Fig. 4 SEM photograph of cross-hair

when Ar dilution is used. etched in diamond film.

I,

• ,--165"n

0 0.1 0.2 0.3 0.4 0.5

Fig. 5 High magnification (14.3 kWD)
end-on view of the cross-hair.
The diamond substrate surround- Fig. 6 Conductance of boron doped
ing the cross-hair has been diamond film as a function of
exposed using ECR etching. etch depth.
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plasma etching so that accurate conductivity measurements could be made. The SiO, etch
mask was stripped and the contact pads were metallized with a gold / titanium bilayer and
annealed to form ohmic contacts as described in Refs. [13,14]. The conductance, G = I/V,3,
(see Fig. 6) measured as a function of etch depth, is shown in Fig. 6. After each 10 min.
ECR plasma exposure, the etch depth was measured, and was typically about 80 nm. While
etching the first 0.3 um of the film, the conductance was linearly dependent on the etch
depth, indicating that the resistivity of the top 0.3 pm of the diamond film was uniform in
resistivity. The average resistivity in this region was determined to be 1.28 0.cm from a
least squares fit to the first six data points, shown in the insert to Fig. 6. Further etching
did not change the conductance indicating that a highly resistive layer, sitting on a more
conductive layer, had been reached. However, at a depth of 0.43 pm the conductance
decreased further as more diamond was removed, and was essentially zero at a depth of 0.57
pum. The resistivity of the diamond film between a depth of 0.43,pm and 0.57 pm was 364
0ocm.

Hall effect measurement bridge test structures were also formed during device
isolation etching so that the mobility and carrier concentration of the film could be
measured. Figs. 7-9 show the dependence of resistivity, activation energy, carrier
concentration, and mobility on the boron to carbon ratio in the feed gas.

The recessed-gate fabrication sequence is shown in Fig. 10. After device isolation
etching, an Au (1.25 micron)/Ti (50 nm) bilayer metallization was deposited on the sample.
The source/drain regions were protected with photoresist, and the remaining metallization
was etched with aqua regia followed by a titanium etch (1:1:50 , HF:HNO 3:HO). The
sample was annealed in N2 for 15 min. at 480°C in order to form ohmic contacts. The
source/drain metallization was used to self align the gate recess etch. The area between
the source and drain metal was exposed to the ECR etching conditions described above so
that the channel area -vas etched 170 nm in thickness. The gate insulator was deposited by
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Fig. 9 Hole concentration and mobility vs. boron to carbon ratio.
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sputtering 100 nm of SiO, with an Ar (50%) - 0, (50%) plasma at 350°C at 3.3 mTorr for
70 minutes15 . Finally the 40 nm gold gate contact was defined by a lift-off method. The
channel width and length of the device are 30 and 46 micron, respectively. Further details
about the performance of this device are described elsewhere9 .

CONCLUSIONS

Downstream oxygen ECR plasma etching of boron doped homoepitaxial diamond films
has been demonstrated. Etch rates from 8 nm/min. to 0.5 um/min. were achieved. Etch
rate dependence on bias was not observed, however, argon dilution resulted in much more
reproducible etch rates. This etch technique has been applied to the processing of thin-film

diamond electronic devices".
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TANTALUM AND TANTALUM SILICIDE HIGH TEMPERATURE

RECTIFYING CONTACTS ON TYPE 1iB NATURAL D'AMOND
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ABSTRACT

Tantalum and tantalum silicide contacts were investigated as high temperature

rectifying contacts on type liB natural diamond. Tantalum and silicon were co-

sputtered using DC and RF planar magnetrons, respectively. Current-voltage
measurements of tantalum silicide subjected to various anneals and of pure

tantalum contacts were recorded at 50 0C intervals up to 4000C which was the

desired operating temperature of the rectifying contact. Tantalum contacts to

diamond maintained good rectification up to 300°C whereas amorphous tantalum

silicide operated well up to 4001C.

INTRODUCTION

Diamond has a very high breakdown voltage, thermal conductivity, and

electron saturation velocity, which will make it very useful as the active

semiconducting medium for electronic devices operating in severe environments
(i.e., high temperature, radiation, corrosive, etc.). In these hostile environments,

particularly at high temperatures, the contact metal will limit the usability of the
device. The objective of this research is to obtain a stable, high temperature

rectifying contact that will adhere to a highly polished diamond surface. Silicides

may prove useful as contacts on diamond since they are stable at high

temperatures while maintaining the desirable electrical properties of metals. In
particular, tantalum silicide was chosen because it has proved useful as a high

temperature Schottky contact to GaAs [7,8] but has not yet been investigated as a

contact to diamond. Tantalum silicide has also been studied on single crystal,
polycrystal, and amorphous silicon [1,3-61. Two different stoichiometries of

tantalum silicide (Ta5Si3, and TaSi2) were investigated.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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EXPERIMENTAL

To optimize deposition conditions, tantalum and silicon were co-sputtered on 1

cm square polished alumina using DC and RF magnetrons, respectively.

Substrates were rotated during deposition to ensure thorough mixing of the

components and uniform coverage on the substrates. Sputtering was chosen due

to the ease of contact fabrication and high degree of control of alloy composition.
Also, contact adhesion was improved (compared to evaporation deposition) due

to the momentum of the tantalum and silicon atoms as they deposited upon the

diamond surface. Alumina was chosen initally as the substrate for the materials

characterizations due to its high temperature stability, lack of silicon, and
availability. The atomic ratios of these alloys must be exact since the substrate

does not contribute silicon to make up for any deficiencies in stoichiometry as in

the case of deposition on silicon. Quantitative energy dispersive spectroscopy

(EDS) using a proza correction was used to determine the atomic ratio of silicon to

tantalum. Various samples were then annealed in an argon ambient at

temperatures ranging from 4500C to 11000C. X-ray diffraction showed that
Ta5Si3 was completely formed at 9000C. Since TaSi2 is a higher temperature

phase, it was not completely formed at the annealing conditions attempted. X-ray

diffraction (XRD) data for other annealing conditions was not conclusive possibly

due to the formation of two or more different phases.

Once the proper sputtering parameters were determined, the Ta/Si mixtures

were deposited on type liB natural semiconducting diamond for electrical

characterization. A 4mmx4mmxO.25mm sample of (100) diamond (Drukker
International) was patterned with 100gim diode dots using a standard

photolithography process. Tantalum and silicon were then co-sputtered in the

desired atomic ratio to an approximate thickness of 2000A. The final contact

pattern was obtained by lifting off the excess material. In addition, 1004±m

tantalum contacts were DC magnetron sputtered onto type lB semiconducting

natural diamond for comparison to the silicide samples.

Current-voltage measurements were made before and after annealing using a
high temperature probe station with a Hewlett-Packard semiconductor parameter

analyzer. I-V measurements were made on each composition after annealing at

5001C and later at 9000C in 200mTorr of argon for one hour. It was desirable that

tantalum/silicon remain rectifying at 4000C, thus a 5001C anneal proved sufficient

for stabilization of the contact. The higher temperature anneal, 9000 C, was the
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temperature needed to completely transform the mixture into a silicide as

determined by initial annealing experiments of tantalum/silicon mixtures on

alumina. Current-voltage measurements were made from room temperature to

4000C at 501C intervals and then remeasured at room temperature to confirm

contact stability.

RESULTS/DISCUSSION

TaSi2 Contacts

Figure la is a plot of the room temperature I-V characteristics of the as-

deposited amorphous TaSi2 contacts on type 1ib natural diamond. As is evident

from this graph, at room temperature TaSi2 is a very good rectifying contact with

less than t0pA reverse leakage current and no oreakdown up to 100V which is

the highest ioltage that the probes could deliver. Current-voltage measurement-

were then made at 500C intervals up to 400 0C. The contact remained rectifying at

all temperatures, but the leakage current increased and the breakdown voltage

decreased with increasing temperature. Figure lb is a plot of the I-V

characteristics for a 100pm amorphous TaSi2 contact measured at 4000 C. After

cooling the contact to room temperature the I-V characteristics were remeasured

and the rectifying characteristics had no';(,eably degraded. Leakage current at

100V increased from a few picoamps to 600nA. A summary of the temperature

dependence of reverse leakage current versus temperature is shown in Figure 2.
After measuring the I-V data for the as-deposited TaSi2, the sample was

annealed at 5001C in an Ar ambient for one hour. Ann:aling had a detrimental

effect on the rectifying characteristics of the contact. Leakage current at all

temperatures was higher than for the as-deposited contact. The I-V characteristics

of the tantalum disilicide at 4000C, interestingly, are nearly identical to those of

titanium disilicide at the same temperature [51. The increase in reverse leakage

current from annealing is most likely due to the nature of the silicide/diamond

interface. For the as-deposited material there is an abrupt interface with little or no

intermixing of the tantalum and silicon atoms with the diamond substrate. As the
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Figure 1. (a) Room temperature current -voltage data for TaSi2, and (b) current-voltage

characteristics for TaSi2 at 400°C.

sample is annealed the interface becomes less well-defined which may degrade
the rectifying characteristics of the contact. The interface reaction is very

complicated since tantalum can form a carbide as well as a silicide. No interface
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Figure 2. Leakage current versus temperature at 10 volts for TaSi2 and Ta5Si3.

studies were carried out due to the minimal availability of suitable substrates and

the difficulty in preparing cross-sectional specimens.

Finally, the contact was annealed at 9000C in an Ar ambient for one hour,

slowly cooled to 450'C and then removed from the furnace. Before measuring I-V

characteristics the surface graphite was removed from the sample since graphite

forms when diamond is heated above 8001C. A boiling, saturated solution of

Cr03 in H2SO4 was used to remove any surface graphite that could contrbute to

leakage current. There was a slight improvement of the rectifying characteristics

of the contact after the etch. The contact remained rectifying after this anneal 4nd

etching treatment although the leakage current at 10V was considerable up to

400'C, measuring 69p.A.

After completing the high temperature anneal, it was very difficult to remove the

contact metallization from the diamond. A solution of HF, HNO3, and HCI in a

1:1:2 ratio was used to etch the silicide. However, even after this etch a

translucent layer remained. This layer is believed to be silicon carbide, but no

analysis was performed. If SiC is formed as the annealing temperature is

increased, then the diamond/silicide interface becomes diffuse as silicon and

carbon atoms mix. This could explain why rectification degrades with higher

annealing temperatures.
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Ta5 Si 3 Contacts

Ta5Si3 was deposited on type IB semiconducting natural diamond in the same
manner as tantalum disilicide. As-deposited amorphous Ta5Si3 exhibited

rectifyinc characteristics up to 4000C as shown in Figure 3a and b. Leakage

1000

pA 0

-1000 I I I I

-100 0 100
V

50

gA 0

-50 i ltl I I I

-50 0 50V

Figure 3. (a) Room temperature current-voltage data for Ta5Si3, and (b) curent-voltage
characteristics for Ta5Si3 at 400°C.
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current at 10V versus operating temperature is plotted in Figure 2 and shows that
Ta5Si3 is slightly inferior to TaSi2 in the higher temperature regime. Although
Ta5Si3 had a higher leakage current than TaSi2 at 4000C, it was more stable

because I-V characteristics were unchanged upon cooling to room temperature.
Also, leakage current for Ta5Si3 levels out from 3000C to 4000C while for TaSi2 it
is steadily increasing. As in the case of TaSi2 contacts, annealing degraded the
rectifying characteristics of the Ta5Si3 contacts. Annealing at 9000C in Ar

ambient for one hour degraded the rectifying characteristics.

Tantalum Contacts

Pure tantalum contacts were sputtered onto the type 1ib diamond as described

earlier. Tantalum was an excellent rectifying contact to diamond up to 3000C as
depicted in Figure 4. However, upon heating the diamond to 4000C the tantalum
contacts ouckled as shown in Figure 5 and rectification was severely degraded,
Figure 6. The reverse leakage current at 50V increased from 182nA at 3000C to

50

gA O

-50 I I I I I I I I

-50 0 50
V

Figure 4. 3000C current-voltage characteristics of 100gm tantalum contact.

3.56mA at 4000C. This is most probably due to the large thermal expansion
difference between diamond and tantalum. Diamond is 1.18x10- 6 (C0).1 and
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Figure 5. Scanning Electron Micrograph of pure tantalum after annealing at 4001C. The

tantalum has buckled due, probably, to differences in thermal expansion coefficients

between Ta and diamond.

5

mA 0

-5 t I I I I

-50 0 50
V

Figure 6. I-V data for Ta contact taken at 4001C
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tantalum is 6.5x10-6 (CO)-1. When silicon is added to tantalum the contact is
much more stable at higher temperatures and buckling of the film is not observed

up to 400'C; hence, the amorphous silicide contact remains rectifying at higher
temperatures. Since the coefficient of thermal expansion for silicon is closer to
diamond, 3.0x10- 6 (C°)-1, it is likely that the silicon dispersed throughout the
tantalum prevents sufficient stress from building at the diamond/contact interface
for separation to occur.

CONCLUSIONS

Tantalum and tantalum silicide contacts have been deposited on type lib
natural semiconducting diamond. Amorphous TaSi 2 and Ta5Si3 remain
rectifying up to 4001C. However, Ta5Si3 is more stable than TaSi2 after cycling

through a high temperature measurement. Annealing of the silicide contacts
increases the reverse leakage current due to the tantalum, silicon, carbon
interdiffusion and interface reactions. Tantalum retains excellent rectifying
characteristics up to 3001C, but functions poorly at higher temperatures due to
adhesion problems.
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Electrical properties of Schottky junctions on

homoepitaxial flame grown diamond.

J.W. Glesener, A.A. Morrish, and K.A. Snail

Optical Sciences Division, Naval Research Laboratory, Code 6522,

Washington, DC 20375-5000

Abstract:

Schottky diodes were fabricated from boron doped diamond

grown in a turbulent flame. The substrates used were type Ila

diamond (100) crystals 1.5 mm in diameter and .25 mm thick. A p/p+

structure was deposited using the p+ layer as an ohmic contact.

Current-voltage (I-V) and capacitance-voltage (C-V) measurements

were made on the finished devices. An ideality factor of 1.8 was

obtained from the I-V characteristics. Doping levels from C-'7

measurements indicate an acceptor concentration on the order of

5 x 10' 7/cm 3 .

Diamond has several properties that make it a unique

semiconductor. These include a wide band gap, high carrier

mobility, hardness, a large thermal conductivity and chemical

inertness.

Many groups have reported results of Schottky junctions

fabricated on CVD diamond."1',3'1, 5  This report will present

results of the electrical characterization of homoepitaxial

diamond synthesized in a turbulent flame.

The growth setup consisted of an oxygen-acetylene torch, flow

controllers, and water cooled substrate holder. Two bubblers

containing a methanol/boric acid mixture were used. A small

fraction of the total acetylene flow was diverted through the

bubblers using mass flow controllers. One bubbler contained a

solution of boric acid for deposition of the p÷ layer and the

solution in the second bubbler was diluted by a factor of 500 for

growing a p layer. The gas flow ratio was 8.48/8.00/0.050 ipm for

0 2/C 2H2/bubbler respectively. These flow rates were selected in

order to operate the oxygen-acetylene flame in the turbulent
regime, since recent results have shown that high quality diamond

is grown, if the flame is turbulent 6 . Details of the growth setup

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society



162

have been presented elsewhere 7. The growth process used a clean

diamond substrate brazed to a Mo screw. The W layer was grown

first followed by the lighter doped layer referred to as p.

Switching from the p÷ bubbler to the p bubbler during growth was

accomplished without affecting the 02 /C 2H2 ratio. The substrate

temperature was maintained at 1220 C +/- 20 C. After completion

of the growth the resultant crystal was separated from the Mo

screw and cleaned in aqua regia for 10 minutes, immersed into a

chromic acid/sulfuric acid mixture at 150 C and finally placed in

a H20,/NH30H solution. The substrate was rinsed in water after each

chemical bath. After cleaning, aluminum Schottky contacts were

evaporated onto the samples. An evaporation mask was used and the

contact area was 1.0 x 103 cm2 . Upon completion of the

evaporation, the samples were characterized using I-V and C-V

measurements. Contact to a sample was made with a prober for the

Al dot and using the p" layer as an ohmic contact. The p/p*

structure had a total thickness of 22 microns of which 1 micron

was attributed to the p layer. This was ascertained from the

relative growth times of each layer. Current device yields are low

and are subject to continuing improvement.

The I-V measurements are shown in Fig. 1.

i0

10

o

10

10 -T

Q !' • 4 7 8 , ,
1 0t rV / fr7 1 (4

Fig. 1 I-V curve of S/N 112-4 at 300 K.

A least squares fit of the forward conduction characteristics was

done using the expression for a Schottky diode with a bulk series

resistance8 R,
i=ie q(V-

8
R)/nkT
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where n is the ideality factor and I. the saturation current. The

ideality factor was found to be 1.9 and the bulk resistance 650

ohms. Ref. 2 reported an ideality factor of 1.8 and a result of

1.85 is reported in Ref. 3. From results on Schottky junctions on

other semiconductors, the literature suggests three possible

causes for high ideality factors, 9 an insulating (oxide) layer,

cleavage steps at the contact interface, or high doping levels.

Given the differences in growth methods and surface preparation

between this work and refs. 2 and 3, and the chemical inertness

of the diamond surface, the first possibility would seem to be

ruled out. The second possibility is tied to surface carbon

diffusion and the nature of the surface step structure produced

in the diamond growth process. Finally, because nitrogen

compensation in CVD diamond is relatively high and metallic-like

conductivity is seen for boron levels on the order of 10 20 /cm3 , the

amount of boron needed to overcome compensation narrows the

available doping range in CVD diamond. High ideality factors might

have a more fundamental cause other than just poor contact

fabrication or a variance in fabrication procedures. Also, the

bulk resistance of Schottky junctions on diamond reported in the

literature can make it difficult to compare I-V results because

a high bulk resistance would tend to mask the "true" reverse

characteristics.

C-V measurements are shown in Fig. 2.

" 4

1 1

Fig. 2. 1/C 2 vs. voltage at two different frequencies, S/N 112-4.

Two different methods were used in measuring the capacitance.

Lock-in amplifier techniques were used to measure the imaginary
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part of the AC impedance as a function of voltage for the 2 khz

measurements and a Keithley model 590 capacitance-voltage meter

was used in the 100khz measurements. The Keithley C-V instrument

can make capacitance measurements assuming a parallel or serial

R-C circuit as the electrical model for a Schottky diode. The

variance in the capacitance from assuming either a parallel or

serial R-C circuit is less than .5% over the range of capacitances

reported here. From ref. 8, the smallness of this difference was

found to be a necessary criterium in defining when the influence

of the conductance on the measurements was minimal. This criterium

is adopted here. The acceptor concentration obtained from the

slope of the line in Fig. 2 was 5 x 10 17/cm 3 . It is unclear what

influence the ideality factor has on diamond C-V characteristics.

In conclusion, Schottky junctions were fabricated to

investigate the electrical properties of diamond grown in a

turbulent flame, demonstrating that this material has potential

for electronic applications. Further work is required to raise the

device yields and further explore the growth parameter space

available. One of us (J.W.G) would like to gratefully acknowledge

that this work was carried out while holding an Office of Naval

Technology postdoctoral fellowship.
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POLYCRYSTALLINE DIAMOND FILM RESISTORS

L. M. Edwards and J. L. Davidson
Department of Electrical Engineering, Vanderbilt University, Nashville, TN

ABSTRACT

The technology to fabricate polycrystalline diamond film resistors has been
initiated using modified thick film patterning techniques and in situ solid source doping.

Doping of polycrystalline diamond films in microwave plasma CVD systems has
been achieved historically through use of diborane gas, which may contaminate the
deposition system causing all diamond films thereafter to be doped p-type. We have
attempted noncontaminating in situ doping utilizing two solid source dopants, and have
met with preliminary success.

The more effective source (B,0 3) produces a fairly even dopant concentration
across the substrate, with sheet resist.aces ranging from 800 ohms per square to 4500
ohms per square. The other source (BN) showed significant doping in a narrow band
surrounding the source, but the doping concentration decreased rapidly with distance
from the source. Films grown afterwards with no doping were evaluated through
resistance measurements; no evidence of doping contamination was observed.

INTRODUCTION

Polycrystalline diamond films (PDF) have been shown to have many of the same
properties as natural diamond, and therefore possess material properties that are

desirable in semiconductor electronic use [1]. These are of particular interest for high
temperature and high power applications [2]. Undoped diamond is an electrical insulator
[3], yet has a high thermal conductivity [4]. Diamond also possesses a low thermal
coefficient of expansion [5,61, and high electron and hole mobilities in single crystal
material [7].

CVD diamond doping has been accomplished with diborane gas [8], which may
contaminate the growth chamber [9]. This work examines in situ doping of polycrystalline
diamond films utilizing solid sources. We have investigated two sources, and found that
one produces a fairly even dopant concentration across the substrate, while the other
provides doping only in a narrow band in immediate proximity to the source. Data will
be presented only from the more effective source.

EXPERIMENTAL PROCEDURE

Polycrystalline diamond films are grown using a microwave plasma CVD system

developed by ASTEX, Inc., Woburn, MA, which is installed at Vanderbilt. Typical
deposition conditions were 40 torr pressure, 850 'C, flow rate of 500 sccm hydrogen and
3.5 sccm methane, microwave power 1500 watts, and twenty hours deposition. Silicon
samples were prepared by abrading selections of I" x 1" silicon wafer with 0.25 micron
diamond paste. Aluminum nitride samples were cut to 1" x I" size from stock. Table I

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Pslteriats Research Sociely
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describes the particulars of each sample investigated, and also indicates whether an
undoped diamond layer is present. The dopant source is boron oxide (B20 3) in wafer
form obtained from Owen-Illinois. Other work [12] has indicated such material may dope
PDF.

Electrical properties were measured utilizing a fixed spacing four point tungsten
carbide probe which was connected to a current source and voltage meter.
Measurements were also taken with an HP 4145B parameter analyzer utilizing both the
four point probe described above and four separate tungsten probes. The latter
measurement points utilized silver contacts placed on the diamond as well as direct
diamond contact.

Resistivity, (p), can be determined through four point probe measurements,
where

7Ct V
p •0 -rm for st (1)

In2 I

where s is the probe spacing and t is the film thickness. For a p-type material, the carrier
property description of resistivity is

p = [q p, p 1  (2)

where q is electronic charge, jup is hole mobility, and p is carrier concentration. Sheet
resistance is determined through use of Van der Pauw's method [10]. For a symmetrical
structure, sheet resistance is defined as

Rt V (3)

FRs= pi-In 2  1

where t is the thickness of the doped layer. Sheet resistance is designated in ohms per
square, and the geometry of the resistor defines the resistance.

RESULTS

Figure 1 shows a cross section of sample A. The doped layer of diamond can be
visually distinguished from the undoped layer. The underlying substrate is silicon.

A composite of sheet resistance profiles for all samples is shown in Figure 2, with
the results for sample B shown separately in Figure 3. These measurements were taken
with the four point probe method described above, using a current source and voltage
meter. Each point is an average over a range of 0.5 mA to 25 mA. The doping sources
for samples A and B were new wafers from separate manufacturer lots; the source used
in sample C had been utilized in two previous depositions and may have been dopant
depleted or blocked by surface coatings. Due to the geometry of sample A, the profile
was taken in a base orientation only, which is the initial measurement reference
orientation. The center value is 1810 n/square with a variance of ±21%. Sample B has
a center value of 800 n/square, with variance of ±42% in the base orientation and ±5%
in a ninety degree rotation. Sample C shows a center value of 3900 fl/square, with a
variance of ±23% in the base orientation and ±17% in a ninety degree rotation.



167

Table I. -- Sample Parameters

Sample A Sample B Sample C

Substrate Silicon Aluminum Nitride Aluminum Nitride

Undoped Yes Yes No
Diamond Base

Comments Sample was Sample printed Sample was
originally a 1" x V with isolation ring, unaltered except
square, edges base layer of for sizing.
were broken away undoped diamond
to isolate the deposited for
doped layer and growth purposes
provide thickness
samples

Figure 1. Cross section of doped diamond film grown on undoped diamond film.
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DISCUSSION

Sample B shows the smallest variation, and is therefore presumed to have the
most uniform doping concentration of these samples. The sheet resistance profile across
the surface is the most uniform of the samples. Based on growth rate, the thickness of
the doped layer is assumed to be approximately ten microns, and the resistivity estimated
to be 0.8 fn-cm. From the resistivity equation for p-type doped material (Equation 2), the
mobility-carrier concentration product is 7.8 x 1018 [V-cm-s]1 . Depending on the dopant
concentration and activated carrier concentration, the mobility can be estimated for PDF.
For example, if N,, were 1020/cm 3 and an active carrier concentration at room
temperature were 0.2% [11], mobility would be estimated at 40 cm 2/V-s. SIMS analyses
are in process.

SUMMARY

A minimum variance of ±5%, best case from center across a 1" x I" sample has
been observed in solid source doped CVD polycrystalline diamond film. The sheet
resistance profiles observed provide an initial characterization of this doping method, and
may be utilized to further refine the process.

In situt solid source doping has been shown to be effective in CVD polycrystalline
diamond film. Subsequent films are found to he undoped as determined by resistance
measurements. These results, in conjunction with ongoing application of modified thick
film hybrid technology, may yield PDF resistors configurationally similar to traditional
thick film resistors and materially compatible with microelectronic technology.
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ABSTRACT

The modification of the wear propertics of type Ila diamond following ion implantation
with 100 keV carbon and nitrogen has been studied at implantation temperatures of 150 and 470
K, Abrasion testing using low load multiple pass scratch testing with a Rockwell diamond
indenter has shown a decrease in wear resistance. Microstructural modifications resulting from
ion implantation have been assessed using Channeling Rutherford Backscaitring Speciroscopy
(C-RBS). No correlation was found between the presence of ion bcam induced point defects (as
measured by C-RBS) and the increase in wear. There are no1 obvious wear rate differences
observed for nitrogen or carbon implantation.

INTRODUCTION

Diamond is believed to wear by a t process of microclcavage1 
in which microscopic

surface irregularities are broken off from the surface of the diamond along (I 11) cleavage planes
thus exposing further surface roughness to enable abrasion to occur. The abrasion resistance and
hardness of0 iamond varies considerably between different stoones and between Type I and Type
b1 diac onds-. Natural eypc I diamonds containing hih concentrations of nitrogen arc known to
be considerably harder- than Type II stonCs. Hartle' ipiplanted diamond cutting tools with
carbon and nitrogen tol a total dose of 3x1015 ions.cm-- . These results sugge.stcd that nitrogen
implantation produced enhanced wear resistanet, whilst carbon implantlation did not. From these
results Hartley postulated that nitrlgen implantation to synthesize Type I diamond behavior may
improve the wear resistance of diamond.

In the present study carbon and nitrogen ha% e been implanted in order to test this
hypothcsis. Carbon implants were used to stud. the effct of ion beam induced damage on Wcar
behavior, in the absence of any chemical Ct'fl. The results were then compared to those
involving nitrogen implantation at similar energies. Sintce the knock-on damage due to nitrogcn
and carbon (both aft 100 kcV) is very similir, ans diflfrences on the wcear behavior between these
two implant species can be attributed to the chmiical eflect of nitrogcen. Hence by comparing
nitrogen and carbon implantations I artley's postulaite can be tested.

Previous work by our group- has concentrated on studying the effeet ot high telmperature
(1070 K) ion implan tation on thc wear proplert ies of natural. industrial quality, Type la diamonds.
This early work returned positive results in lasou r of ion beam induced wear reduction. lHo\wc;er
variations in behavior beltween samples and indeed, diffcrent regions on the one sampie, has
made the acquisition of a reproducible data set dil ficult. The current study uses optically Jat,
polished, inclusion free, oriented (I tO)Type Ila diamond windows (3.1) x 3.0 x 0.25 mm-
supplied by Drukkers Corp. ol Amsterdam. The flatness and unifoirtry of these samples
provides a consistent sample set for the investigation.

The implantatiomn Icmperatures i•f 151) and 470 K were chosen so as to assess the elffct of
the mobility of ion beam induced detects on wear behavior. At implantation temperatures a•oe
8tt00 K bolh vacancies and interstitials are hclie\cd to be mfiobile in di;,onm. In the temperature
range from 300 to 8t0t K intcrstirials arec lhe predomninanft mhilc dIlecft while below 3)) K there
is no detect mohilitý(i). Thus at 150 K. at least ftr ruoderaie doses. iomilles: delect siructures are
less likely tob hc lirmcd. For implantation at 470) K. retnlhmbitmfltion (rf vacantcies and int1rslitials
is expected ito occur and more complex extended detects.n may ailso form.

Ma*. Res. Soc. Syrmp. Proc. "i1. 242. 1992 Materials Research Society



172

The aim of this study was to determine thc implantation parameters which cead to an
increase in wear resistance. All results otbtained with tv pe Ila samples show af redluctton in wear
resistance, hut analysis of' these results still pro% ides uselul information with regard to the
modification 01 the wecar propertie CS 'd iaflttfd.

EXPERIMENTAL

Implantation wats performed using a Whickham 200) kcV Ion Implanter. All implants
were perf'ormecd using an aceicration voltag~e ol 100) kcV %%with a heam eurrcnt o1 approximately
(1.3 AeA.cm--. Thc flat litee (110) of cach samplc \%ias div idcd into three regions (F 'ur I). The
middle strip wats masked while the other regions were im plan ted with doscs i(l IfI)ins.cm -
and 2.5 x ()15 ionsem -2. Thc maskcd strip prtwidcd a referecnce unimplanted area.

(ilo) (HOrdY----

2 Figure I. Diagram of a sample showing thc two,( implanted
4 areas separated by an tnimplanted strip. The lines marked I

~ J' ~to 4 indieate appr'oxinlate positions of* the scratch tests.

Implantation dolses were chosetn with reference to surface resistivity measuremeilts oin
carbion implanted diamondX (Figure 2). Conductivity is %ery sensttivc to mterostruetural
modifications, and these measurements shtns three distinct implantation dlose regimes,
D < DI, D1 I D < D, and D > D-, which eharacterize the ion beam induced damag~e

F-or D < D1 a ifuild Uliot polint deteets occurs while the diamtnd rematns e~ssenttally single
erystal. For D, < D < D, partial amorphizat(ion or graphitisation may oIccur. For D > D), thce
fotrmation of semielntinoius pathways hetween conducting graphitttcrewions wi thtn the Zliamond
lceurs. approaching complete graphitization as the dlose is increased. The doses chosen for tlits
study are shown in Figure 2, which alsio shiows the values itf 1) ind D-, for tzch implant
temperatqrc. For both 150) K atnd 471) K implant te(mperatures. t'he lo\sslose implatnt of' I xl ()14
ttlns.cn1- ts less than D, and shield thtus cv~ate (lnl localized point detects wi thtn the sample.
Similarly, tlte hig~h dose 2.5x 10t -onsettf- implant is just below D-, and should create part I~
amttrph isat itn (lfthe implanted rego whl aviigcmlt rap~ttait

Wear testing has been ctnducetd using the tech itiiqL ueOf lw10\k load, mulItiple pass scratch
testing. All scrateh tests have been performed with an applied load ill 0.9N. hr tindenter used
for the scrautch tests ix as a Rockwell diamttnd indenter \% ith a tip radius (itl 0.200 mm. IDuritng
testing thi. indenter wats aligned with the hard (l11t) direetion being presented to the sample. Care
%kits tamken to1 ensure that the faee (it the sample to be tested wa is horizontal aind that the indenter
axts was normal to the diamonnd surfacee. The sample ss as scratch tested in thle htard (Ti o))
dtrecttion fotr 200).000l passe and in the sof't ( 100() direction for 1 2(11 passes. The length (itt each
scratch is approxintately 2 mm and the relative speed (it Itte indenter wats approxintatels 2.1%
mm s, 1 I he dutration (;I the seratch tests was ehosen to trN and obtain af groovef approlx imate)y
I11) IOA dee p wh (iech corresponds rotugh ly wvit h the dam lge 'peak due tol imp1lantat ion.

After seratch testingz, surface pritfilomectry was performed utsing at Tencor Instruments
Alpha Step 250 . Surflace pro filitmetrv across the ss ear traek a llowIs t he depth. \% Witllt and shtape o
thfe resulting scratch to be determ-ined. Prior tol surfacee prolilotnctry the samples .%c rc first
cleaned in nitric acid tto remiove any debris fron scratch testing and then ultrasonically cleaned in
methanol. Five or momre of surfacc' profiles% %%ire taken across tltc length of cach %kear trac-k tn
both the u n impIlantitd and implanted regit ns. fThe average depth I anrd cross -sect tona I area (it rach
wear track in the implanted and unimplanited regiomns ss as thten calculated trom thesce
measurement~s. The latter when divided by tlte ntumber of passes. aillo\ss ttte average ssrar rate to
be determined in A-/pass"
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The microstructural modifications %%hich have occurred as a result o" ion implantation
wscrc monitored using Channeling Rutherford Backscattcring Spectrometry (C-RBS). A 1.46
McV alpha particle analyzing beam was used with the spot size on target approximately 300OIum
in diameter.

RESULTS AND DISCUSSION

Figure 3 shows typical surtacc profilomctry results for both the hard (TIO) direction after
200.10)0 passes and the sol't (lI0) direction after 1201f passes. The wear track in the hard
direction is in general broader than that in the soft direction. Tables I and 11 summarize the result
of the profilomctry measurements for all of the samples studied. Table I tabulates the results for
the soft (101)0) direction and Table II, the results for the hard (TI10) directions. In both tables the
absolute wcar rates arc tabulated, togcthcr with a value ol the wear rate in the implanted region
compared to that in the unimplantcd dianmond in the same wcar track. For completeness Tables I
and II also list the relative depth of the wear track, being the depth of the scratch in the implanted
region divided by the depth in the unimplantcd region.

Implant Dose .- Implant Wear Rate (I M00A
2

ipass) Relative Relative
& Species (cm--) Tcmp (K) Unimplanted Implanted Wcar Rate Depth

Ix1)1
1

4
C+ 150f 57±13 114±23 2.0=0.9 1.4.0.4

* • 470f 10±2.5 20±!6.7 1.3±11.6 1. 10.3
2.5x 10f1 5C+ 150 46± 16 88±16 1.9±t1.0) 1.4.tO.3

470 78±15 150±6.7 2.tf±0.5 1.7±-0.3

Ix ()1 4
N+ 150 100±32 110"±2.5 1.0±0.3 1.8±0.3

"4701 96t9.2 130±48 1.3±0.6 1. 1 -0.l
2.5xf10

15
N+ 150f 75±27 1101±17 1.5±01.7 I.8±0f.S

470 87±7.5 210+±23 2.5±10.5 2.1.-,-0.5

Table I. Prolilomctry results lor the (lI()1) (soft) difrection sI,11 ,. ing the relative depth and
wear rates of" the implantcd region. A relative valuC > I sho•s• an increase in the measured value
in the implanted area, as compared to the unimplamtcd area. The large errors are due to
fluctuations in the wear track prolfc as a function of di.tancC along the scratch.
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Implant Dose Implant Wear Rate (, 2 /pass) Relative Relative
& Species (cm-2 ) Temp (K) Unimplanted Implanted Wear Rate Depth

txl01 4 C+ 150 231)±45 270±58 1.2±0.5 1.2-±0.1
470 2 1(10±2 340±45 1.7.+0.4 1. 1 -±0.3

2.5x1I0 15 C+ 150 1500±120 2500.±340 1.7±0.4 5.1±+1.3
"4701 360. 1511 690±-290 1.9±1.6 2.4±1.1

lxl 0 1 4 N+ 150 710. +170 1600_+t200 2.2±t0.8 2.7±10.5
"470 420:t76 2400-t 160 5.7±t 1.4 4.4.±0.5

2.Sx01)I 5 N+ 150 710.+170 4300(11150 61.0±1.6 5.3±t1.2
"470 47().± 1411 1300±160 2.7±+1.1 3.1±10.9

Table If. Profilomctry results for the (TIo) (hard) direction showing the relative depth and
wear rates of the implanted region. As in Table I the large errors are due to fluctuations in the
wear track profile as a function of distance along the scratch.

Figure 3. Typical cross-scctional
profiles of the wear tracks obtained
Irom scratch testing show inis (a)

-1000Wear track in the hard (I10()
direction (470 K nitrogen) and (b)Wear track in the soft (100) direction1e14 1 Ql 4( 

150 K nitrogen).

-2000

rA B
-3000 2.5e 1

0 20 40 60 80180 20 40 60 80100
Width (am)

The prolilometry results show no obvious differences in wear rate modification bets, cen
carbon and nitrogen implantation except perhaps that the ion beam induced increase in wvar for
the hard direction is greater for nitrogen than for carbon implants. In particular, Hartley's result
reporting increascd wear resistance for nitrogen implants cannot be confirmed. However wec note
that this Tay be due to the diffcring implantation conditions used. Hartley implanted Ixl)15
ions.cm" at room temperature usin~ a multiple cnrergv implant at encrgics of 300, 21(0 and (H)
kcV to oltain a total dose of 3x 1 O tions.cm-, whereas the single energy 1(00 kcV 2.5x 101
ions.cm-- implants used in this study will result in a narrower more highly damaged layer N% ithin
the diamond.

The C-RBS spectra for the high dose implants are shown in Figure 4. The low dose
spcclra have not been included as these show very little damage. it any, as comparcd to the
unimplantcd diamond. Figure 4a shows the ('-RIS spectra lor nitrogen imlplantation at both 150
K and 470 K, while figure 4b shows the equivalent spectra resulting from carbon implantation.

Both carbon and nitrogen implantation at 150 K show• the measured yield (imin) at the
implant damage peak to approach the random yield, suggesting almost complete amorphisation
of the implanted layer. The diflcrcnces in the C-RBS spectra between the two species are
consistent with TRIM calculations which show nitrogzen creating a slightly broader, taller
damage peak than carbon implants. The priedominnmt implant induced delict structures are point
defects as little dcchanneling is visible behind the damage peak, which "would be expected from
more complex delect structurcs.
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t he I 511K pcctri. 'I'l is suggests that a h ighi propor tion if the ion -bcamn ind uced point de feels
basec been annealed out due to the higher implant temperature. The C-RBS spectira olfithe 4701K
nittro ge n impliant also sliosLs enhanced decha iiil i ng bchId file tli ag pc sk \% Iic su- ic
presence of extended defects. This enhanced dechanneling is not present in thfe 47t)K earhon

Spcr.Despite thle large difkcrenees between filte I 51K and 4701K ('-RBS spectra there is 10
apparent temperature dependence on the w'ear rate. Siinilarl\ . both Io%% and tiglt dose implants.
result in similar weAjr rate ntodifieations. despite thle large dliflerence in point detect
concentration. This suggests that the pre'sence oif poiint decfects is not implicated in the
m acroscolpic w~ear bebas four. It also suggests thtat %ver% little io-i ii bam intd uced damagei is
reu!uired to proiduce s\%ear rate modifications. The precsence ol eXten~ded dLeeICts in thle 4701K
nitrogen implant also appears to have little effect onl the %%ear behaviou ssI \Oert COlitparcd Io fthe
4701K carboin implant. Thus other defects wkiih iebrc not visible fin ('-RB1S analssis must he
responsible lor the observed changes ii wecar beiha, ior.
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ABSTRACT

Vapor pressure control technology is successfully applied to the bulk crystal growth,
epitaxial growth and diffusion process of ZnSe crystals. Surface morphology and the crystal
quality are investigated by the optical microscope and the X-ray double crystal diffractometry
as the function of the growth temperature and the applying Zn vapor pressure. The cathode
luminescence is also measured to evaluate the optical properties and the effect of low
temperature growth and the application of Zn vapor pressure are demonstrated. p-type ZnSe
crystals are grown from the Se solution with group 1a element as a dopant under controlled
Zn vapor pressure. p-n junction diodes are also prepared by the Ga diffusion from Zn solution
under Se vapor pressure. Emission spectra from the p-n junction and its Zn and Se vapor
pressure dependencies are also presented.

INTRODUCTION

The most important factor to be controlled in compound semiconductor crystals is the
deviation from the stoichiometric composition. Starting from the investigation of iron-
pyrite[lJ, we have carried out the annealing experiments of various Ill-V compound
semiconductor crystals12J under controlled vapor pressure of group V elements. Crystallo-
graphic, electrical and optical evaluation have led to the crucial conclusion that the nearly
perfect crystals with stoichiometric composition could be obtained under a specific vapor
pressure (optimum vapor pressure)t3]. Later, some experimental studies were carried out at
another laboratory and good coincidence could be obtained with our results[4l. Temperature
dependence of the optimum vapor pressure was also determined. The vapor pressure control
technology has been successfully applied to the liquid phase epitaxial growth of GaAs[51 and

GaP[6] from the Ga solution in combination with the temperature difference method (TDM-
CVP). It has been shown that there has been also the optimum vapor pressure to improve the
crystal qualities. Vapor pressure control technology has been applied to the bulk crystal
growth of Czochralski-grown GaAsJ7J and zone melting InP[08. It has been shown that the
application of vapor pressure is also effective to control the deviation from the stoichiometric
composition of compound semiconductor crystals and to reduce the dislocation density in
commercially available GaAs ingots.

In order to clarify the mechanism of the vapor pressure control technology, the
theoretical analysis was also carried out on the basis of the extension of the conventional
chemical potential equilibrium through three phases. Our experimental results of the phase
diagram in Ga-As system can be successfully explained by taking into account the change of
the saturated solubility in the solution under controlled vapor pressure[91, resulting in that the
deviation from the stoichiometric composition catl be controlled by the application of the
vapor pressure.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Il-VI compound semiconductors including ZnSe crystals are the promising material
for light emitting devices with short wavelength. Recently, ZnSe semiconductor laser has been
reported to operate at liquid nitrogen temperature. In wide gap II-VI compounds such as
ZnSe, both Zn and Se show high vapor pressure, resulting in that various sorts of defects are
easily introduced during crystal growth and other thermal processes. Therefore, high quality
ZnSe crystals with p-type conduction have not been easily obtained for a long time. We have
applied the vapor pressure control technology to the bulk crystal growth, epitaxial growth and
fabrication of p-n junction with the blue light emission of 480nml 101.

In order to reduce the residual defects and impurities, lower growth temperature will
be expected in epitaxial growth. This paper reports the results of liquid phase epitaxial ZnSe
crystals grown by the TDM-CVP using Se solution under Zn vapor pressure at relatively low
growth temperature. Change of the surface morphology and the cathode luminescence spectra
are presented as a function of the growth temperature and the appl~ing Zn vapor pressure.
Doping characteristics are also shown in view of the cotitrolled Zn ,apor pressure 1I I

EXPERIMENTAL

Figure I is a schematic drawing of the epitaxial growth sýstem and the temperature
distribution of the furnace. Due to the differences of the specific gravity of ZnSe and Se. the
source material (ZnSe) was maintained above the molten Se solution b', a narrov, pornion ol
the quartz ampoule (l8mtor , 50-80tnm length) The temperature of the source material i,
maintained I-3°C higher than that of the ZnSe substrate. ZnSe substrates used were I I I I I
oriented and also grown by tite TDM-CVP at 1050TIC. Crystal quality of the substrate
materials were evaluated by the X-ray double crystal diffractometry and the full width at half
maximum (FWHM) of the X-ray rocking curve was less than 100 second of arc.

p-n junction was fabricated by the Ga diffusion under controlled Se \vapor pressure into
the p-type ZnSe crystals grown by the TDM-CVP. p-typc ZnSe crystals were grow, n from the
Se solution with group 1, elements as a dopant impurity under controlled Zn vapor pressure.
In order to obtain the diffused layer with the thickness of 5-7pnm, typical diffusion
temperature and time used were 740'C and I h respectively.

SPACER Zn

FURNACE -. i .[..
QuARrTZ . I. \ \
AMPOULE

FURNACE --- \ /--
POLY ZnSe

Se

SUBSTRATE - L~

FURNACE . TEMPERATURE

Fig. l
Schematic draw of the epilaxial growth ssstem.
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Nomarski interference microscopy analysis was applied to inspect the surface
morphology of the epitaxial layers. Cathode luminescence (CL) measurements were carried
out using the electron probe microanalyzer modified to collect the luminescent light at 77K.
Accelerating voltage and beam current used were 25kV and 94PA respectively. Beam
diameter was about 5pnm. The luminescence was analyzed by the grating monochromator and
detected by the S-20 type photomultiplier. Emission spectra from the p-n junction were also

obtained at various measurement temperatures ranging 77-300K.
The Hall measurements were made by the Van-der Pauw method. For fabricating the

ohmic contact, Au was evaporated followed by the heating up to 250"C for 10 main. in an Ar
atmosphere.

RESULTS AND DISCUSSION

Surface morphology

Figure 2 shows the optical micrographs of the epitaxial layers and the cleased surface
of intentionally-undoped ZnSe crystals grown on the ( I I 1) oriented substrates at 750-950(C
without excess Zn vapor pressure. Island growth wAas shown on the crysral surface ', hen
grown below 750'C perhaps due to the low solubility and surface migration distancc. When
crystal growth was carried out at 850-95WC, the islands \Aere spreading and becoming larger.
Consequently, single crystals could be epitaxialk grown with :,mooth surface ait the growih
temperature of 950C.

SURFACE

Tg=750 °C Tg=850 tC Tg=900 IC TIg=95 o C

CL EA VED

- SURFACE

0.1 tom
Fig.2
Surface morphology and the cleaved surface of the epitaxially grown intentionally-undoped
ZnSe crystals.

Crystallographic properties

In order to investigate the crystallographic properties, X-ray double cr•,stal
diffractometry analysis was applied to the ZnSe epitaxial layers. (11) oriented 1I1M groswn
GaAs crystal was used as the I st crystal and the X-ray rocking curve was measured using the
Cukctr radiation and the (333) -(333), symmetrical configuration. Therefore, the l\VII of
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the X-ray rocking curve reflects the irregularity of the crystal lattice plane. Figure 3 shows
the FWHM of the X-ray rocking curve obtained from the ZnSe epitaxial layers as a function
of growth temperature of the substrate materials. The growth temperatures of the epitaxial
layers were in the range 850-950'C. In Fig.3, some of the samples grown at 850 and 900C
show multi-peaks of the X-ray rocking curve due to the existence of misoriented island
growth region. In those cases, FWHM corresponds to the total width of the X-ray rocking
curve. As shown in Fig.3, crystal perfection of the epitaxial layer was shown to be superior
to that of the substrate.

Tg=850 C

"o Tg =90a C

S .Tg=0'C

S100

A

A

..- o

FWHM OF SUBSTRATE Fsec of arc]
Fig.3
FWHM of the epitaxial layers as a function of that of substrate materials. FWHM was
measured by the X-ray double crystal diffractometry using (333) (333)s symmetrical
configuration.

Cathode luminescence investigation

Figure 4 shows the cathode luminescence (CL) spectrum of the intentionall) -undoped
epitaxial ZnSe grown at 900'C. The electron beam was focused onto the single domain of the
epitaxial layer. The CL spectrum shows three peaks as shown in Fig.4. 2.773 and 2.b96c%'
CL peaks correspond to the exciton emission (EX) and the donor-acceptol pair emission (DA)
respectively. DA pair emission peak was shown to be followed by the phonon replicas %kith
30meV intervals. A weak emission band relating with the deep levels could be also detected
at around 2.48eV. Whereas, no other deep level-related emissions could be detected in the
longer wavelength region.

Figure 5 shows the CL spectra of the epitaxial layers grown at various growth
temperatures. For comparison, the CL spectrum of the substrate material before gros Ith% was
also shown. It is clearly shown that the intensity of the EX emission de,:reases w ith increasing
of the growth temperature. On the contrary, the intensity of the DA pair emission increases
with increasing the growth temperature. In view of the enhancement of the FX emission
intensity, these experimental results confirm that the lower growth temperature improves tibe
crystal quality. It is also shown that the deep level-related Cl. emission at around 2.4eV could
be scarcely detected in the epitaxial growth layer.
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T9=900 C

2.773eVj

w.]

550 500 450
WAVELENGTH [nml

Fiv.4
Cathode luminescence spectra of intentionally-undoped ZnSe epitaxial layer'; grown az v(}YC
without application of Zn vapor pressure.

77K

T9=950 C

Tgý900OC

_Tg=8500C

C',
zWL Tg=750 C

Tg=65O

SUBSTRATE

1.8 2.0 2.2 2.4 2.6 2.8
PHOTON ENERGY [eV]

Fig.5
Cathode lumninescence spectra of intenrionally-undopcJ ZnSe epitaxial Iacsgrov n it various
growth temperatures without application of Zn vapor pressure.

Next, we show the Zn vapor pressure dependencies of the Cl. s,'ectr. Fiore (, showk
the CL spectra of' the epitaxial layers grown under the various controlleJi Zr'. **po prt ýure,
In all samptles, tlte EX emission intensity dominates over :lial ot the DA pair enri''.ru. (On
the contrary, DA pair emission intensity was shown !, he '.rger thian thiat of the FX emi-ion~
in the epitaxial ZnSe cry stalIs grown wi.ithout applying Zni vapor pres~u re. '- ie retorc, it i
concluded that the application of Zii vapor pressure during epo:.,mal growth is, effectise to
reduce sonic sorts of point defects which present (the formation of exci:on. in the crs% stal.
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77K

DZ P=5.0 atm

wz P=3.5 atm .
I--
z P=3.0 atm

P=2.4 atmr

P 1.9 atm j
2.2 2.4 2.6 2.8

PHOTON ENERGY [eV]
Fig.6
Cathode luminescence spectra of intentionally-undoped ZnSe epitaxial layers grown under
various Zn vapor pressure. Growth temperature was 950'C.

Figure 7 shows the intensity ratio of the CL emission attributable for the EX

(2.773eV) and DA pair emission (2.696eV) as a function of the applying Zn vapor pressure.
It is shown that the relative EX emission intensity shows its maximum at a specific Zn vapor
pressure of -3.0 atm.

8

97
STg=950°C

0 5
0

z

1

0
0 1 2 3 4 5 6

Zn VAPOR PRESSURE [atm]
Fig.7
Relation between the applying Zn vapor pressure and the emission intensity ratio of the

exciton (EX) emission peak at 2.773eV to the donor-acceptor (DA) pair emission peak at
2.696eV.
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Figure 8 shows the CL spectra of the epitaxially-grown ZnSe crystals doped with Au,
Na and Li. Dopant materials used were metal gold, Na2Se, LiSe and Li.SO4 .1120
respectively. Experimental results obtained were rather complicated. When the NaSe and
Li 2Se doped ZnSe crystals were epitaxially grown without Zn vapor pressure, the EX
emission decreased drastically. However, application of 3.0 atm Zn vapor pressure enhances
the CL intensity of the EX emission, meaning that the formation of the point defects
associated with the deviation of the stoichiometric composition should be reduced. In the Au-
doped ZnSe crystals, the intensity of the deep level-related CL emission (2.2-2.3eV) was also
shown to be reduced by applying specific Zn vapor pressure of 3 atm. Therefore, it is
concluded that the Zn vapor pressure control is shown to be effective to control the deviation
from the stoichiometric composition of ZnSe crystals.

77K

Na 2Se DOPE

P, =3.Oatm

: WITHOUT CVP

UIaSe DOPE
& P =3.0atm

z

Z WITHOUT CVP
,-J

) Au DOPE

Pa, =3.Oatm
WITHOUT CVP

2.0 2.2 2.4 2.6 2.8
PHOTON ENERGY [eV]

Fig.8
The effect of the applying Zn vapor pressure on the cathode luminescence spectra of epitaxial
layers doped with Au, Na 2Se, Li 2Se and Li 2SO 4 -H20.

Doping characteristics

Zn vapor pressure control during ZnSe epitaxial growth was also shown to be effective
in the doping characteristics. When ZnSe crystals were grown without application of Zn vapor
pressure from the Se solution with acceptor impurities, only the insulating materials could be
obtained. However, epitaxial growth was carried out under controlled Zn vapor pressure. p-
type ZnSe crystals could be obtained with the hole carrier concentration ranging
8x1013 -3x10 7 cm- at room temperature. Acceptor impurities used were Na,Se, Li,S04lIt,0
and Li2 Se. The highest hole carrier concentration was obtained when NaSe was used as

acceptor impurity with 2.5 mole% or less in the Se solution. Table I summarizes the results

of the Hall effect measurements at room temperature. It is noticeable to say that the mobility

of the Li-doped ZnSe epitaxial layer shows considerable higher than that obtained from the
theoretical calculationsl 13 1.
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Table I Results Of tile Hall effect measurements at room temperature

DOPANT mole % conduction carrier Hall Resistivity

in Se solution type concentration [crfi' I mobility Jcmr"V sec] [ohm cm]

Na2Se 1-3E2 p 2E16-3E17 4-00 2-90

LiSOu H O 3E2 p 6E15 300 60

LnSe 3E2 p 8E13 450

GROWTH TEMPERATURE = 95("C
Zn VAPOR PRESSURE = 3.0 atm.

Blue light emission from the p-n junction prtidared by diffusion under controlled Se
vapor pressure

Figure . shows the typical emission spectra from the p-n junction measured at various
temperatures ranging 77-300K. Sample used was grown under not-optimized Zn vapor
pressure. The emission spectra show two sorts of emission lines associated with the gap
energy (Pag,) and the deep levels (Pdp). The emission of the Pap was very weak in most
diodes at temperatures below 172K. The emission intensity of the P,.,, decreased at higher
temperatures above 280K. Figure 10 shows the temperature dependencies of the emission
wavelength of the Pedg, and the Po,,,. The emission lines associated with the deep levels are
classified into three sorts according to the emission wavelength (A,B,C). The energy of
emission line B is the same as that of self-activated defects12l. The temperature dependen-
cies of the peak energies determine the activation energy for energy shift to be 55meV for
the Pedge and 38meV for the peak C.

Pedge Pdeep

I- 172K

tJo7 KJ.- 190K
Z 2 214K 2 280K
W,, /IlI 214K ,

2 1 4 K
2 / 5 9 K 2 14< -2 59 K

w 77K 172K

450 500 550 600 650

WAVELENGTH [nm]
Fig.9

Typical emission spectra from the p-n junction measured at various temperatures ranging
77--300K. Sample used was grown under not-optimized Zn vapor pressure.
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Fig.10
Temperature dependencies of the peak energy of the Pcd2 e and PdIp obtained from the p-n
junction. U shows the data from ref.12.

Vapor pressure dependencies of the emission spectra from the p-n junction

Figure I I shows the relation between the intensity ration of P,,,p to P,,, from the p-n
junction and applied Zn vapor pressure. The intensity ratio shows its minimum at a specific
Zn vapor pressure. Especially, the specified sample grown under the optimum Zn vapor
pressure shows almost only a single emission line of 2.7eV (-46dnm) at 77K without any
deep level-related emissions. Figure 12 shows the Zn vapor pressure dependencies of the
emission intensity of the Pedg,' The emission intensity of the Pdg, shows its maximum also
at a specific Zn vapor pressure.

2.5

- 2.0

S "Tg =1050•C
0 1.5

-1.0 I.
z
• 0.5

0 .0 .
6 7 8 9

Zn VAPOR PRESSURE fatmi
Fig. 1I
Relation between the intensity raition of P,,, to Pcg, and applied Zn vapor pressure.
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Fig. 12
Zn vapor pressure dependencies ot the emission intensity of the P,.dg, from the p-n junction.

Next, we show the effects of diffusion conditions on thie emission characteristics. The
Ga diffusion w:is carried out in the Zn solution under the controlled Se vapor pressure. All
samples used were grown under the optimum Zn vapor pressure of 7.2atm at 1050(C. Figure
13 and 14 show the Se vapor pressure dependencies of the emission intensity measured at
room temperature. As shown in Fig.13, the intensity ratio of the P,,P to Pj,, shows minimum
at a specific Se vapor pressure applied during the diffusion process. In addition, the emission
intensity of the Pea, shows maximum at almost the same specific Se vapor pressure.

.1.5

U.
0

_ 1.0

Z 0.5 Td=740°CI-"

Z °0

0.0 1.
10 100 1000

SELENIUM VAPOR PRESSURE [Torr]
Fig. 13
Effect of the Se vapor pressure during Ga diffusion from the Zn solution on the emission
intensity ratio of Pd,_ to Pedg, of the p-n junction measured at nominal room temperature.
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Fig.14
Effect of the Se vapor pressure during Ga diffusion from the Zn solution on the emission

intensity of PIQý of the p-n junction measured at nominal room temperature.

Therefore, it is concluded that the formation of deep levels will be also controlled by the

application of the Se val.or pressure during Ga diffusion process. Figure 15 shows the

emission spectrum at room temperature obtained from the p-n junction grown under the

optimum Zn vapor pressure tbllowed by the Ga-diffusion process under the optimum Sc vapor

pressure. Even at room temperature, a pure blue light emission was obtained at 480nm with

a half width of 7nm without any deep level-related emissions. The brightness of this sample

was 2mcd at the driving current of 2mA.

77K 300K

z

z

450 500 550 600 650
WAVELENGTH [nm]

Fig. 15
Emission spectra from the ZnSe p-n junctions measured at 77K and 300K.
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INITIAL STAGES OF GROWTH OF ZnSe ON Si.

R. D. BRINGANS, D. K. BIEGELSEN, L..E. SWARTZ, F. A. PONCE and J. C. TRAMONTANA
Xerox Palo Alto Research Center, 3333 Coyote Hill Road, Palo Alto, CA 94304

ABSTRACT

Zinc selenide films have been grown heteroepitaxially on Si(100) substrates by molecular

beam epitaxy. The initial stages of growth are dominated by the reaction of Se and Si atoms to form

the compound SiSe2. The compound formation disrupts epitaxy, and several growth methods which

avoid this are described and compared. We find that room temperature deposition plus solid phase

epitaxy does not lead to significant SiSe. formation and yields uniformly thick films which are

misoriented with respect to the substrate and contain large regions of twinned ZnSe. The use of an

As monolayer on the Si surface before the start of ZnSe growth allows good ZnSe epitaxy without any

Si-Se reaction or any misorientation. ZnSe films have also been used as interlayers for GaAs growth

on Si. This has allowed us to obtain uniform GaAs films at thicknesses which typically manifest a

coalesced island morphology f'r GaAs grown directly on Si.

INTRODUCTION

Heteroepitaxy of compound semiconductors on Si substrates is a promising method of

combining the best properties of both materials. A great deal of work has been carried out for GaAs

heteroepitaxy on Si. In this paper, on the other hand, we will examine the related case of the growth

of ZnSe on Si. ZnSe is of interest for optical devices because of its large direct band gap, but it is the

main purpose of this paper to use the ZnSe-on-Si system to understand more about general questions

of heteroepitaxy on Si.

Several effects make the growth of compound semiconductors on Si difficult to achieve

successfully. These may include one or more of the following: (i) lattice mismatch which gives rise to

dislocations at the interface or in the film, (ii) different thermal coefficients of expansion, which can

lead to the introduction of stress during cooldown from the growth temperature, (iii) the formation of

passivating layers which have very low surface free energy and thus inhibit the bonding between the

substrate and overlayer, thereby leading to island formation and (iv) reaction between atoms from

the substrate and the overlayer. We begin by considering the growth of the first few monolayers of

the overlayer. The very early stages of growth of GaAs on Si, for example, are dominated by the

passivating effect of an As monolayer on the Si substrate. This occurs because a monolayer of As can

bond to either the Si(111) or Si(100) surface so that all of the Si and As atoms near the surface are

fully coordinated. The surface formed is therefore highly unreactive. In principle a fully coordinated

monolayer of Se could also form on Si(100) in an analagous manner so that passivation and island

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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formation would also take place for ZnSe-on-Si growth. We find, however, that it is the reaction

between Si and Se to form an amorphous compound that is the major effect in this case.

After giving some experimental details, we will describe the bonding of Se to the Si surface

and discuss the chemical reaction that is found to take place. In the subsequent sections the growth

of ZnSe using several growth techniques will be discussed and finally we will present some results

for the use of ZnSe as an interlayer between GaAs and Si.

EXPERIMENTAL DETAILS

Unless otherwise noted, the silicon wafers used as substrates had their surfaces tilted by 4

degrees from the (100) plane (the surface normal being tilted by 4 degrees towards [0-11 ). A thin,

protective oxide was grown on these (0.01 ohm-cm, n-type) silicon substrates as described elsewhere

[1. After introduction into ultra high vacuum, the oxide was thermally desorbed and the surface

cleanliness and order was determined by x-ray photoemission (XPS) or Auger spectroscopy (AES)

and low energy electron diffraction (LEED). The ZnSe and GaAs films were grown in situ by

molecular beam epitaxy (MBE), using a compound ZnSe source and elemental As and Ga sources,

respectively. An electrochemical Se cell was used when Se alone was required. The resulting films

were characterized in situ with AES, XPS and LEED. Prior to standard sample thinning for the

transmission electron microscopy (TEM) studies, an amorphous Si layer was deposited over the

films.

INTERACTION OF Se WITH Si

The unreconstructed Si(100) surface has two dangling bonds per surface atom and is therefore

energetically very unstable. On the clean surface, adjacent atoms pair up to form dimers so that the

number of dangling bonds is reduced t. one per surface atom. If each of these atoms is replaced with

an As atom then the extra valence electron in an As atom replaces the dangling bond with a lone

pair. Moreover, the energy level of the dangling bond is lowered from midgap down into the valence

band. Therefore a Si(100) surface covered with a monolayer of As-As dimers is fully coordinated.

This is found to be the case in practice and leads to a very unreactive surface [21. Se atoms have two

extra valence electrons compared with Si and thus it is possible in principle to fully coordinate the

un-dimerized Si(100) surface with a monolayer of Se as is shown schematically in Fig. 1. The two

dangling bonds that were present are replaced with two non-reactive lone pairs. An arrangement

such as this is found to occur for S atoms on Ge(100) surfaces [31, bu, we ha-- fI'ud t,'.t _ý;- iE

difficult, if not impossible, to achieve for Se on Si(100). Experiments utilizing soft x-ray core level

spectroscopy (SXPS) found that thick films of Se would react with Si to form a thick layer of SiSe-2

[4,51. This is a compound analagous to Si0 2 and appears to be a stable product when Se comes into

contact with Si. Results of the SXPS from refs 4 and 5 are given in Fig. 1 where the Si core level is

shown for (a) a thick film of Se that was deposited at room temperature lRT) onto an on-axis Si(100)

substrate and then annealed at a temperature of 300 'C and (b) the same film after annealing at 550
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Figure 1. Schematic atomic structure of the ideal Se-terminated Sii 100) surface and photoemission
core level spectra for la) a film ofSe that was deposited on Si at RT and annealed at 300 'C. b, the
same film after annealing at 550 'C and 'c) a ZnSe film which was annealed until all of the Zn but
not all of the Se was desorbed (from ref. 5L

'C. Both spectra can be fitted with a bulk Si peak and 4 chemically-shifted peaks with separations of

5, 28, 38 and 48 from the bulk peak where 8=0.53 eV, the shifts being to higher binding energies.

This is consistent with an ensemble of Si atoms being bonded to 1, 2. 3 or 4 Se atoms I bonding to four

Se "ioms corresponds to the compound SiSP2). After the 550 "C anneal, the majority of the

chemically shifted intensity is in the first two peaks. This also is found to be the case for a ZnSe film

deposited on Si and then annealed so that all of the Zn, but not all of the Se is re-evaporated IFig.

ltc)]. For a monolayer of Se to be bonded to Si(100) as shown in the schematic structure in Fig. 1,

only the 26 chemical shift should be present in the SXPS spectra and the presence of a 18 chemical

shift indicates that the surface is not fully passivated. This result and other subsequent Se

deposition methods have failed to achieve a well ordered Se-terminated surface. At low substrate

temperatures, the surface is fully covered and disordered and at higher surface temperatures the

surface cannot be fully covered. Presumably this is due to the competition between surface ordering

and the etching ofthe surface which :•;,2s place via the evolution of the volatile SiSe molecule 16). It

should also be noted that ordered layers of S do not occur on Si 100) 171 whereas they have been

obtained for S on Gel100) 131. This again implicates the reactivity of Si with group VI atoms and the

existence of volatile SiSe, SiS (and SiO) molecules.

We will show in the following sections that the interaction of Se with the Si substrate also

dominates the initial stages of ZnSe growth on Si.
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GROWTH OF ZnSe ON Si AT ELEVATED TEMPERATURES

Early results found that ZnSe could he grown epitaxially on Si with MBE by carefully

controlling the Zn to Se flux ratio at the substrate 18,91. Park and Mar 191 found that the best results

could be obtained by slowly ramping up the Se flux while holding the Zn flux constant, In the

absence of any Se flux the sticking coefficient of Zn on the surface was found to be zero at the

substrate temperature of 330 'C that was used, It was concluded that the growth must be initiated at

a slow rate AND that the flux ufZn should be greater than the Se flux at the initiation [91 Epitaxial

growth presumably occurred because the excess of Zn atoms prevented the Se and Si atoms from

reaching one another and forming SiSe2

When both Se and Zn are supplied to the surface at the onset of growth, the reactivity between

Si and Se dominates. This is shown in Fig 2 where the Si 2p core level spectra for ZnSe deposited on

Si at both RT and 300 " are contrasted to those for GaAs deposited on Si at elevated temperature

We see large chemical shifts in the ZnSe-on-Si case which are indicative of the SiSe, formation.

especially for the 300 "C deposition. A TEM image for a thick film whose growih was initiated at 300

"C is shown in Fig. 3 This figur2, and other images of the same film, show the presence of a 70 nm

amorphous film directly on top of the Si substrate and a polycrystalline film above that The SXPS

results [4,51 suggest that the thick amorphous film observed consists of SiSe. The "mall - 5 to 7 nm

Si 2p 3 2

S,(111):GaAs

U,

m Sill00):GaAs

LU Si(100):ZnSe '

Ts= RT_Z

Si(t00):ZnSe

3 2 1 0 •1
RELATIVE BINDING ENERGY (eV)

Figure 2. Comparison between the Si 2p photoemission core level spectra for GaAs on Si and ZnSe
on Si (from ref. 5). The increased reactivity of ZnSe with Si compared to GaAs-on-Si is shown by the
presence of large chemical shifts corresponding to Si atoms bonded to 4 Se atoms
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200 n

Figure 3. TEM cross section 1[0111 projection) of a ZnSe film deposited on Si at 300 'C. An
amorphous Si film has been evaporated onto the ZnSe layer to provide plotection during TEM
thinning.

inclusions that can be seen within the amorphous layer are likely to be small Zn or Znbe crystals.

The transition between the amorphous, reacted layer and the polycrystalline ZnSe layer is likely to

occur once silicon atoms are unable to diffuse fast enough to the surface or once Se atoms are unable

to diffuse fast enough to the interface. We would thus expect the thickness of the amorphous layer to

be very sensitive to growth rate and substrate temperature. We note that other films grown in this

temperature regime also show reaction between the Si substrate and the ZnSe overlayer.

ZnSe FILMS ON Si BY ROOM TEMPERATURE DEPOSITION AND SOLID PHASE

EPITAXY

On the basis of the results presented in the previous section, some method to limit the degree

of reactivity between Si and Se is necessary. Lowering the substrate temperature during deposition

is one possibility. Subsequent annealing and crystallization may then take place without large

numbers of Se atoms being able to reach the Si because the Se atoms are tied down by bonding to Zn

atoms.

A series of ZnSe films was grown by room temperature deposition followed by solid phase

epitaxy (SPE) [101. It was found using LEED and TEM that annealing films for 2 minutes at 500 'C

gave crystalline films without any significant reaction between the ZnSe and the Si substrate.

Annealing at 600 'C did cause a reaction to take place. A cross section TEM image of a 50 nm ZnSe

film on Sif 100) is presented in Fig 4. There is no evidence for the formation of an amorphous layer

between the Si and the ZnSe. The ZnSe film also has a characteristic orientation relative to the

substrate. The inset in Fig. 4 shows the electron diffraction pattern that was obtained from the same
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Figure 4. (a) TEM cross section in the, (011] projection, of a ZnSe film deposited on Si at room
temperature and then annealed for 2 minutes at 500 0

C. The 11001 vector for the substrate is 4" from
the interface normal and has a component towards the right of the figure. The inset is an electron
diffraction pattern of the same area.

area of the interface. Several conclusions can be drawn from the figure: 0) the film is uniform in

thickness; (ii) the diffraction pattern shows that the ZnSe crystal is tilted with respect to the Si

substrate; and (iii) a large number of crystal defects tilting from the lower right to the upper left are

seen. The misorientation angle was measured for a number of films deposited in the same manner

and was found to be 5'± 1" with the same orientation sense relative to the surface offcut in all cases.

A film grown on a 1.50 offcut substrate also had a 4C misorientation showing that the misorientation

was insensitive to the offcut angle. Tilts have been seen in many heteroepitaxial systems grown on

off-cut substrates, but no simple models for their origin seem to explain all of the present data.

Lattice mismatch is not the only important parameter. This can be seen dramatically by comparing

results for GaAs on Si substrates with similar offcut angles to those in this study. Although GaAs-

on-Si has close to the same mismatch (-4%) as ZnSe on Si, (i) the tilts are in the opposite direction to

those found here (i.e. the (1001 vector of the ZnSe is tilted towards the surface normal for GaAs-on-Si

and away from the normal for ZnSe-on-Si) and (ii) the tilts have a magnitude in the range of 0 to 0.3"

t 11-141 for GaAs-on-Si, which is much smaller than the value of 50±0 Ithat we have measured in our

RT deposited and SPE ZnSe-on-Si films. We also note that ZnSe grown on 4' off-axis Ge(100) 1151

(lattice mismatch -0.2%) has a tilt ofO,50 in the same direction as our results for ZnSe on Si. As we

discuss later, we believe that the tilt for ZnSe on Si is related to the presence of small areas of SiSe,.
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High resolution images [10,161 revealed a large number (around 50% of the total cross-

sectional area) of twinned areas all of which were oriented on only one of the two possible sets of

i1111 planes imaged in the [011] direction. Fig 5 (a) shows the orientation of the twinned regions

relative to the interface. A similar result has been seen recently for GaAs-on-Si where, at large

distances from the interface, a predominance of one of the sets of planes over the other was found

[17,181. There are several differences between the observations we have made and those in the

GaAs-on-Si case. There was no misorientation observed for GaAs-on-Si and the ratio of the majority

to minority stacking faults was 10:1 for GaAs-on-Si and is at least 200:1 in our case where we have

not observed any minority orientations in any of our films.

RT Deposition on Si(100) pius SPE

S.11001

S Un + -rnedZnSe I Tw,,edle

300teC Deposition on Aseni(-T bai erminatedi(100)

(b) S a 30Mi0r.twin

•LM G W ON A C T ZnSe D 100

ZnSe As-t. J
Silico n + A rse n ic Si l 1001

Figure 5. Schematic cross-section, in a [011] projection, showing the relative orientations of the
ZnSe and Si crystals, the stacking faults and the interface for (a) a film deposited on Si(100} at room
temperature and then annealed at 500 *C for 2 rmin and (b) a film deposited on arsenic-terminated
Si(100) at 300 1C.

ZnSe FILMS GROWN ON ARSENIC -TERMINATED Si

Following a suggestion by Chadi [191, we have grown ZnSe films on As-terminated Sift00).

The advantage of this approach is that a monolayer of As at the interface between Si and ZnSe allows

all of the Si, As, Zn and Se atoms to be fully coordinated. This structure is shown schematically in

Fig. 6. When As is bonded to Si(100) it has bonds to two Si atoms, contributing two electrons and

having three electrons left over for bonding to the next layer. This is the same as Se in bulk ZnSe
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Figure 6. Schematic atomic structure for ZnSe grown on arsenic-terminated Si(100) 1191.

which contributes three electrons to bonds to the Zn layer below it and three electrons to bonds to the

Zn layer above. A Si(100) surface with a layer of As therefore appears qualitatively the same to a Zn

atom as does a Se layer terminating bulk ZnSe. Bonding between Si and ZnSe exclusively via bonds

between Si and Zn atoms or via bonds between Si and Se atoms cannot fully coordinate all of the

atoms in the system.

A second and related advantage of using As-terminated Si(100) as the substrate is that the As

monolayer prevents the direct interaction of Si and Se to form Si-Se compounds. Because As

monolayers are stable up to temperatures of 750 'C it is possible to grow ZnSe on Si(100):As at the

...... ... a-- .

1 urn

Figure 7. TEM cross section in the, [0111 projection, of a ZnSe film deposited on arsenic-terminated
Si at 300 *C. The 11001 vector for the substrate is 4' from the interface normal and has a component
towards the right of the figure. The inset is a schematic atomic structure of the interface region.
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preferred growth temperature for ZnSe homoepitaxy of around 300 'C. In Fig. 7, we show a TEM

image of a ZnSe film grown at 300 'C on Si(100):As. The film can be seen to be very uniform in

thickness and there is no evidence of any reaction to form an amorphous layer at the interface. In

contrast to the ZnSe films formed by RT deposition on clean Si(100) plus SPE, no large twinned

regions are observed in this image or for any of the other films that we have grown on Si(100):As.

This contrast is summarized in Fig 5.

COMPARISON OF GROWTH METHODS

The dominant effect in the initial stages of growth of ZnSe on Si is the tendency of Si and Se to

react with one another to form SiSe2. We have shown that growth at the ZnSe homoepitaxial

temperatures of around 300 'C is not viable if both Se and Zn atoms can reach the clean Si surface.

Successful growth methods have to overcome this tendency. One approach is to force the first

monolayer bonded to the Si surface to be Zn as was shown to work for thick films 191. The problem

with this method is that a ... Si-Si-Zn-Se-Zn-Se... layer sequence does not fully coordinate the

interface atoms and leads to a dipole at the interface. It is possible that intermixing between Si and

Zn can overcome this effect (in analogy to the effects that have been proposed for the GaAs on Si

casel20), but any intermixing will probably allow partial formation of SiSex. The difference

between the ZnSe crystal structures obtained for growth at RT on clean Si(100) plus SPE and the

growth on As-terminated Si(100) at 300 IC which are summarized in Fig 5 indicates that partial

formation of SiSe, is also occurring for the RT plus SPE case. This is suggested by the partial loss of

epitaxy (crystal misorientation and the presence of large regions of twinned ZnSe) for RT deposition

on Si(100) plus SPE. (We note that RT deposition plus SPE for growth on As-terminated Si(100)

gives the same results as deposition at 300 'C on Si(100):As showing that it is the presence of the As

layer that makes the difference and not the SPE mechanism). Analysis of the twinned regions shows

that the (111) planes make a small angle with the interface plane if the ZnSe is misoriented in the

direction that is observed. We have therefore proposed [16] that the misorientation plus the

twinning are a result of ZnSe nucleating with a (111) plane close to the interface in regions where

there is sufficient reaction between Si and Se to disrupt epitaxy.

ZnSe AS AN INTERLAYER BETWEEN GaAs ON Si.

The ZnSe films produced by deposition on Si(100):As are particularly uniform and are

therefore of considerable promise as interlayers between Si and GaAs. The use of a ZnSe interlayer

has been proposed 121,101 because it has two advantages over direct growth of GaAs on Si. ZnSe is

softer than either GaAs or Si (the Knoop hardnesses for Si, GaAs and ZnSe are 1150, 750 and 150

respectively). This suggests that it is possible that dislocations can be forced to reside in the

interlayer instead of propagating into the GaAs film, and that dislocations in the GaAs can be

squeezed out into the ZnSe layer by thermal cycling sequences. The second advantage is that ZnSe

films with uniform thickness can be grown on Si at thicknesses where GaAs films grown directly on

Si are dominated by island formation and coalescence. The ZnSe therefore serves initially as a good

template for GaAs growth (the lattice constants and thermal expansion coefficients of GaAs and
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ZnSe are comparable compared with their differences to those of Si) and then after the GaAs is grown

the ZnSe serves as a sink for dislocations.

The use of a thick (0.5 lim) ZnSe film as in interlayer in metal organic chemical vapor

deposition (MOCVD) growth of GaAs-on-Si has been described recently 1221 and the authors of that

study found that the resulting GaAs was of better quality than control samples in which no ZnSe

layer was present. Here, we examine the growth modes of very thin layers. The use of thin layers

has the advantage that a dislocation net can be kept very close to the substrate. We will show that

very uniform films of ZnSe and GaAs with a combined thickness of around 0.1 pm can be grown on

Si.

GaAs growth on ZnSe is considerably more difficult than the much-studied inverse growth of

ZnSe on GaAs because the optimum temperature for GaAs growth is high compared with that (-300

"IC) used for ZnSe MBE. Nevertheless, epitaxial growth of GaAs on high quality ZnSe layers

(epitaxially grown on GaAs substrates) has been achieved recently [23-251. In the case of ZnSe as an

interlayer between Si and GaAs, we wish to keep the ZnSe layer on Si as thin as possible and

therefore the growth of GaAs must occur on a surface that is not yet completely smooth. Growth at

temperatures above about 300 'C was found to cause island formation of the GaAs and, on the other

hand, deposition at RT followed by SPE gave a mixture of epitaxial and polycrystalline GaAs. For

GaAs films thicker than some minimum value, we have found that by slowly ramping the

temperature during growth good quality overlayers can be obtained. The TEM image in Fig. 8. is

(b) a-Si

Si

Figure 8. TEM cross section in the, [0111 projection, of a ZnSe interlayer deposited on arsenic-
terminated Si at 300 *C and a GaAs film grown onto this interlayer as discussed in the text.
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from a GaAs film that was deposited at temperatures between 190 'C and 500 'C. Specifically, after

the ZnSe film was grown at 300 'C on Si(100):As, the substrate was held at 300 'C while the As and

Ga sources were warmed up, then the substrate temperature was dropped to 190 'C. The GaAs was

grown for 3 minutes at each of the temperatures in the sequence: 190, 225, 250, 300, 350, 400, 450

and 500'C.

The TEM image shows that the GaAs film is epitaxial with respect to the ZnSe interlayer and

to the Si substrate. It has a relatively uniform thickness with good surface morphology, There is no

evidence of growth via island formation and coalescence and the interface between the ZnSe and the

GaAs is rather featureless. The major defects present in the ZnSe interlayer are microtwins and

some of these terminate at the ZnSe-GaAs interface and others propagate into the GaAs film.

CONCLUSIONS

We have shown that thin uniform films of ZnSe can be grown on Si(100) either by RT

deposition plus SPE or by deposition at 300 'C onto an arsenic-terminated Si(100) surface. In the

latter case the ZnSe crystal quality is superior. We have also presented results for the use of these

ZnSe films as interlayers for the growth of GaAs on Si. We found that good uniform GaAs films could

be formed at thicknesses where GaAs grown directly onto Si is usually affected by island formation.
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ABSTRACT

Striking progress in the development of II-VI semiconductor
heterostructures, coupled with seminal advances in doping, has
very recently led to the first demonstration of blue and
blue/green diode lasers operating from cryogenic to room
temperature. The active region in these devices was based on the
(Zn,Cd)Se/ZnSe multiple quantum wells (MQW) which had earlier
been actively studied as a candidate for laser medium by optical
pumping techniques. We report on the performance of such MQW
diode lasers with emphasis on structural versatility in terms of
preparation on both p-type and n-type GaAs substrates, and where
sulfur is or is not incorporated for blue/green color lasing. In
this work we have obtained pulsed, high power, high quantum
efficiency laser emission up to near room temperature conditions.
Efticient LED devices are described which operate in the h1ue
(494nm) at room temperature.

Recently, Park et al [(] and Ohkawa et al [2], have reported
significant levels of p-doping in ZnSe using a nitrogen plasma
source. The use of the nitrogen plasma source has since resulted
in the realization of pn junction light emitting devices
operating in the blue and blue/green portion of the spectrum such
as pulsed lasers (3M [31 and Brown/Purdue (4,5]) and light
emitting diode (LED) structures (Park et al [1], Purdue/Brown
[6,7], Matsushita et al [8)).

The several types of laser and LED structures described in
this paper include devices fabricated both with and without
alloys containing sulfur. Schematic device structures are shown
in Fig. 1. The ZnSe-based structures have ZnSe/(Zn,Cd)Se
multiple quantum wells (MQW) inserted in a ZnSe p-n homojunction,
while the Zn(S,Se)-based structures consist of Zn(S,Se)/(Zn,Cd)Se
MQWs placed in a p-n homojunction formed from Zn(S,Se) layers.
The Zn(S,Se)-based structures have essentially the same device
configuration as the ZnSe-based configurations, except ZnSe was
replaced by Zn(S,Se) with a S mole fraction -f about 7%.
((In,Ga)As buffer layer is replaced by GaAs layer.) For lasing,
the waveguiding is provided by the index difference between the
MQW region and the adjacent binary or S-containing alloy. In an
additional configuration (ZnSe-Zn(S,Se)-based structures), the
ZnSe/Zn(Cd,Se) MQW region is positioned within a ZnSe region
which is itself bounded by Zn(S,Se) "cladding" layers. Optical

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Figure 1 Schematic device structures used in this study

confinement calculations suggest that the main role of the
cladding layers is the formation of a "reservoir" for carriers.
Photoluminescence measurements of (Zn,Cd)Se epilayers were used
to determine the Cd fraction [9]. Dislocations in all laser and
LED device structures can be dramatically reduced by growing the
II-VI active region on an appropriate III-V buffer layer, and in
the case of the structures containing sulfur, by correct choice
of the S fraction. Additional details of the microstructural
analysis is included elsewhere in these proceedings [10].

All the samples were grown in a Perkin Elmer MBE system
providing separate growth chambers for the II-VI and III-V
epilayer growth. Devices were grown on both n and p-doped GaAs
substrates. In the case of those ZnSe-based laser and LED
structures, a 4Vm thick (In,Ga)As buffer layer was grown at a
substrate temperature of 520 0 C. The (InGa)As layers were doped
n-type using PbTe [11), or p-type using Be. For the structures
employing Zn(S,Se) layers, a l.5gm GaAs buffer layer was grown
(at 5801C for p-type, and 5201C for n-type) using the same dopant
sources as for the (In,Ga)As. The III-V buffer layers were
transferred to the II-VI growth chamber under ultra high vacuum.
The II-VI structures were nucleated at 240-2450 C. Elemental
sources were used for Zn, Se, and Cd; the Zn(S,Se) layers were
grown using a ZnS compound source in combination with appropriate
Se and Zn fluxes [12,13). The Zn, Se, and Cd source materials
were supplied by Osaka Asahi; the ZnS material was provided by
Sumitomo Electric. A ZnCl 2 source [14-16] was used for n-doping.
The various flux ratios were measured using a crystal monitor
placed at the substrate position. An Oxford Applied Research
plasma source was used for the nitrogen doping[l,2].

(400) and (511) x-ray diffraction peaks are used to evaluate
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the tetragonal distortion of the (In,Ga)As buffer layers; the
lattice mismatch was only partially relaxed by misfit
dislocations despite the fact that the thickness of the buffer
layers was far greater than the theoretically predicted critical
thickness. In cross-sectional TEM images of the (In,Ga)As
epilayers, evidence of threading dislocations was found only in
the regions close to the (In,Ga)As/GaAs interfaces. Plan-view
imaging revealed dislocation densities in the upper parts of the
(In,Ga)As buffer layers to be in the range of 10 cm- 2 or lower.
The dislocation densities estimated from the ZnSe-based II-VI
regions grown on In 0 . 0 4 3 Ga2.9 5 7 As buffer layers were found to be
in the lower range of 10 cm- 2 . For the ZnSe-Zn(S,Se)-based
structures, the TEM images indicated an estimated dislocation
density of 106 cm- 2 in the Zn(S,Se) layers, while the dislocation
densities in the MQW optical gain regions were estimated at 107
cm-2.

The Zn(S,Se)-based structures were grown with a sulfur
fraction of 7%. X-ray rocking curves were obtained using a four
crystal Si monochrometer. The full widths at half maxima (FWHM)
of (400) x-ray diffraction peaks obtained from the ZnS0. 0 7Se0.93
layers ranged between 20 and 55 arcsec. These values are
unusually narrow for such compounds [13], but are consistent with
the la-• -f dislocations observed in transmission electron
microscopy (TEM) imaging; images of all observed areas show that
the Zn(S,Se)/GaAs interfaces are free from misfit dislocations,
indicating that the entire II-VI epilayer remains pseudomorphic
to the GaAs buffer layer.

Previous optical studies of (Zn,Cd)Se/ZnSe quantum well
structures indicated that the injection emission from both the
laser and LED structures originated from the (Zn,Cd)Se MQW region
[171. The turn-on voltage (VT) for forward conduction, typically
5 volts, but as low as about 3 volts, was found to be coincident
with the observation of incoherent light emission emanating from
the cleaved facets with a spectrum typical of the
photoluminescence observed from the (Zn,Cd)Se quantum wells. We
note that the turn on voltage for the devices having a p+-ZnSe
top layer was somewhat higher (typically =12 V); the difference
is likely due to a larger potential barrier at the Au-contact.
Although laser operation is similar for both polarities of a
specific structure, the LED operation of devices formed on p-GaAs
are found to be somewhat brighter than those growi on n-GaAs; the
difference is attributable to the difficulty of forming an ohmic
contact to p-ZnSe.

Laser device configurations (with or without S) consisted of
600 gm to Imm long cleaved resonator structures having 20-40 gm
wide stripe electrodes at the top. Indium was usually evaporated
as the contact for those structures having an n+-ZnSe top layer;
gold was used to contact the p-type top layers. The structures
having a Cl-doped top layer exhibit a substantial current
spreading, especially at T=77 K (and below); these laser
structures were fabricated in a mesa configuration. Laser
emission from both the mesa and the broad area devices (the
former grown on p-III-V and the latter on n-III-V epilayers,
respectively) was obtained under pulsed excitation. The current
pulse duration was varied from 100 to 500 nsec, with duty cycles
ranging from 10- to 5x10- 2 . It is important to emphasize that
lasing was obtained from each of the different devices
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Figure 2. The figure shows the output power per
(uncoated) facet as a function of injected current
density for typical laser devices of both polarities at
T=77K. The left one is grown on a p-type GaAs substrate,
while the right one is grown on an n-type GaAs substrate.

configurations discussed in this paper, and for structures grown
on both n and p-type substrates.

Figure 2 shows the output power per (uncoated) facet as a
function of injected current density for typical ZnSe-Zn(S,Se)
based laser devices of both polarities at T=77K. The threshold
current densities for the two polarities is similar,
approximately 850 A/cm2 . The differential quantum efficiency of
both device polarities is rather similar and equals approximately
next = 28% per facet. The quantum efficiency decreases with
increased temperature. At this time, the laser devices have been
perated up to 250K with uncoated facets.

LED devices emitting in the blue (494nm) at room temperature
were prepared by cleaving the Zn(S,Se)-based heterostructures
into 2x2 mm2 pieces which were contacted by a small indium dot (=
500 pm in diameter). The room temperature spectrum of the
Zn(S,Se) device is shown in Figure 3. Lateral transport was
found to be quite effective in the present heterostructures, as
was the case for previously reported display devices [18] so that
LED emission over the entire front surface of the devices was
uniformly visible. The optical power was measured with a optical
power meter, and represents total emission in the forward 27E
steradian solid angle through the entire n-Zn(S,Se) surface. The
voltage applied across the entire device corresponding to the
highest light output power (P = 120 jW) was VA = 20V; however it
is probable that most of this voltage is needed to overcome the
built-in contact barriers in order to achieve adequate initial
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Figure 3. Room temperature electroluminescence spectrum
of the Zn(S,Se) based LED.

current flow. Considerable improvement in the overall quantum
efficiency can thus be anticipated when such contact problems are
solved. Nonetheless, the powers are sufficient to suggest the
importance of such (Zn,Cd)Se/Zn(S,Se) QW LEDs for display
applications. (In the case of the ZnSe-based structures, the
emission wavelengths is about 5080A in the blue-green at room
temperature.)
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ABSTRACT

Cd 1 xZnxTe crystals grown by the travelling heater methode (THiM) have
been investigated by low tewperature photoluminescence (PL) . The excitonic
energy gap as a function of the alloy composition was determined for the
complete range of x 0 O to x = 1. The composition dependent broadening of
the neutral acceptor bound exciton (A°X) line was measured and compared to
theoretical calculations. The Donor - Acceptor pair luminescence in the

crystals is a superposition of recombinations due to residual Cu acceptors
a.nd A - centers ( anion vacancy - donor pairs

1. INTRODUCTION

The ternary 1I - VI compound semiconductors are direct energy gap

materials with potential applications for optoelectronic devices. For Cd
.'ZnxTe the energy gap is tunable from 1.5 to 2.3 eV at room temperature IIIT
for x = 0 and x = 1, respectively. However, applications are strongly
limited up to now by severe selfcompensation mechanisms acting in the wide
gap materials. It is thought to be the reason why ZnTe grows only p-type.
CdTe on the other hand can be obtained p- or n-type by doping. It is
therefore an interesting task to study the ternary compound Cd 1 -xZnxTe in
view of its optical properties in order to characterize crystal quality and
to study the radiative relaxation in the material. One interesting aspect is
that the excitonic recombination in the ternaries show line broadening
effects caused by the statistical cation (Zn, Cd) fluctuations [2].
Our investigation reports on low temperature PL results obtained in THM
grown Cd1 xZnxTe crystals for the complete composition range of x = 0 to x -
1. The - ictonic line broadening effects due to the alloy fluctuations hay.
been studied in detail. The results are discussed in the framework of
existing theories taking into account the detailed nature of the neutral
acceptor bound exciton and considering the conduction/valence band offset
between CdTe and ZnTe. The Donor - Acceptor pair recombination which causes
in CdTe the prominent 1.42 eV PL band [3] has been investigated as a
function of the alloy composition. The results show that the involved
acceptors, Cu and A - centers, have similar properties over the complete
composition range from CdTe to ZnTe.

2. EXPERIMENTAL. DETAILS

The Cd ..xZnxTe crystals were grown from a CdTe seed in a Te zone with
a ZnTe reservoire at 800 °C with a rate of 3mm/d. As starting materials CdTe
and ZnTe from melt - and kasphase- growth were used, respectively. The
undoped crystals contained as residual impurities mainly Li, P, Cu, Ag and
Fe. Details of the THM growth furnace are described elsewhere [4]. By this

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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technique crystals covering the complete x range are obtained in one boule.

The composition of the Cdl xZnxTe crystals was determined by dispersive
analysis of x rays (EDAX), giving the x-values with an accuracy of better

than 1%.

High resolution PL measurements were carried out in 90 degree geometry with
the sample in contact to superfluid He at temperatures below 2 K. The PL was
excited by the 514 rm line of an Ar+ ion laser with excitation powers of

less than 200 mW (unfocused beam). The PL light was analysed by I m double
monochromator with a spectral resolution of I A. For the detection a

photomultiplier with SI response or a LN2 cooled Ge detector was used.

3. EXPERIMENTAL RESULTS AND DISKUSSION

3.1 Excitonic recombination

The excitonic band gap as well as the exciton linewidths as a function
of x, were determined from PL measurements. Typical PL spectra of our

samples are presented in fig.l. In the binary compound CdTe (fig. 2a) the
acceptor bound exciton luminesence lines (A°X) are found in the range from

1.591 to 1.580 eV. At higher energies weak structures due to the donor bound
(D°X) and free (X) excitons are also visible t51. The strong, A°K linos arise
from the presence of Copper, usually one of the dominant residual

contaminants in volume grown CdTe and ZnTe 161 (see below). The neutral Cu

bound exciton dominates in the excitonic recombinations of both binary

systems. Since the Cu diffusion oefficents ii both compounds are very

similar, we expect that the Cu concentration differ not very muý also in
the alloy samples [7]. We therefore assume that the excitniuic recombination

in CdZnTe is also due to the A 0X recombination of Cu. The shift of the
energetic position of the AoX lines as a function of the alloy composition x

is given in fig ?a. by the full circles. The data of fig. 2a have been used

to calculate the excitonic band gap variation (E AOX). The drawn line
represents the best fit, with the result:

E(AoX) - 1.589 + (0.6540.01)x 4 (0.190.02)x2 for T=l.6 K. I

The obtained parameters are similar to those oi previouis calculat ions.
where, however no specifications about the origin of the lines has been

given [81 . In addi tion to the energy shift a significant broadening- of th,
A°X line was observed in the alloys, The linewidth amounts to I I meV in
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both binary compounds, whereas a maximum linewidth of 10 meV is obtained for
an alloy composition of x - 0.67. In fig.3 the contribution of the binary
compounds (1.3 meV) has been substracted.
In the binary compounds the exciton linewidth of the volume crystals was
lower by a factor of 4 compared to epitaxially grown material (usually on
GaAs substrates). However, linewidths as narrow as 0.1 meV have already been
reported in the literature [8,9]. A linewid:h of about 10 meV seems to be
the lower limit which can be obtained for highly alloyed samples (0.3 < x <
0.6) and it seems to be also independent of growth technique used.
Alloy broadening of the excitonic lines is caused by statistical
fluctuations in the concentrations of the cations (Zn, Te). Theories
describing this behaviour were developed in (2,101. Assuming a Gaussian line
shape, the broadening F of the A°X exciton line is calculated to be 13]:
F(o) =- /f/•r exp (-a2/22) ( 2)
with a the variance and r the broadening parameter which is depends on the
type of the electron - hole movement within the A°X complex. A model for the
description of such A°X complex is the "pseudo-donor" model which proposes,
that the two holes of the A°X complex form a A+ center with an extension
smaller than the electron Bohr radius ae. In this case, the electron

atatdb thA+ cener.m
attracted by the A centers mov2 s around the holes as in a hydrogen like
atom with a radius ae - in /Mee (me is the electron effective mass and
the static dielectric constant). The binding energy of this A°X complex EAX
is equal to the sum of the binding energies of the second hole bound to the
neutral acceptor E2h and the hydrogen-like donor binding energy Ee =
e4 e/2•2e2. EAX -2h ' Ee
The holes and the electron bound to this complex give independent
contributions to the linewidth, because their ranges of movement differ
significantly. They can be considered independently. In this case the alloy
broadening is given by:

dx 8mrK I * ae
3
'
2  

_~ ,*
Where the symbols have the following meanings K 4(ao) is the cation
density, a° is the lattice constant, 6

c and 
6

v are the relative band offsets
of the conduction and valence band (

6
c - 0.88 and 6

v = 0.12 [11]) and a2h is
the radius of the second hole.
The radius of the second hole bound to the neutral acceptor a2h (i. e. the
radius of the A+ center) is known in two limiting cases. For def acceptors
this radius is equal to the radius of the first hole a. - t V 2mhEo 1121,
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where Eo is the binding energy of the deep acceptor and mh is the effective
mass for heavy holes. For Cu in CdTe this radius is ao ý 6.6 A.

For a hydrogen like A+ center both holes can also occupy one orbit with a
radius approximately two times lar~er ( 1/0.483 ) compared to the Bohr

radius ahh of heavy holes ahh = -h E/mhe2 [13]. In CdTe 2ahh is approx.
17.2A. For our case where the binding energy of the Cu acceptor (E° = 149
meV) is comparable to the binding enery of the shallow acceptors, Ehh =37.7

meV we use an intermediate approximation ah=ao/0.4
8 3 

ý 13.2 A.
The electron Bohr radius in equ. 3 depends on the alloy composition x
through me and the dielectric constant, for which we used linear
interpolations between CdTe and ZnTe The drawn line in fig. 3 shows the
result of the calculations for the "pseudo donor" model in the alloy system.
One can see that it gives good agreement with the experimental data for x up

to 0.7. However, the model cannot explain the significant deviation for
compositions x > 0.7. Here an abrupt decrease of the linewidth is observed

from 6E = 9.5 meV at x = 0.7 to 6E = 6.0 meV at x = 0.77.
A mechanism which could decrease the expected alloy broadening is clustering

of the Zn cations, which might have happen due to the special growth of our
samples at high x values. For clusters formed by n Zn cations the alloy
broadened linewidth should decrease as In. Including this mechanism in
"pseudo - donor" model would require clusters with twice as much Zn ions to
explain the experimental data for x > 0.7 (dashed dotted line in fig. 3).

Scanning tunneling microscpy investigations are under the way, to clarify
this point.

3.2 Donor - Acceptor - Pair (DAP) Luminescence

One of the prominent DAP Luminescence bands in CdTe has its peak

maximum at 1.42 eV and is is structured by LO phonon replica with 21 meV
energy separation (see fig.4). It originates from the recombination of

shallow donors and intermediate deep acceptors. The nature of the acceptors
involved has been debated widely whether they are due to intrinsic defects

or residual impurities. It has been shown that Cu gives rise to a "1.42 eV"
luminescence band in CdTe. The Cu acceptor binding energy has been

determined to be Ea - 145 meV and the intensity of the PL is given by a

Poission distribution:
I(n)=e- S(Sn/n!) ( 4 )
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with a Huang-Rhys factor of S 1.6 [6) and n the numbers of phonons
emitted. In a recent study [141 it has been shown that also A - centers, Cd

vacancy - donor pairs acting as single acceptors, give rise to a "1.42 eV"

PL band in CdTe. The Clorine A - center has a binding energy and Huang Rhys

factor of Ea = 120meV and S 2.2, respectively. A detailed analysis of

"1.42 eV" PL lineshape in our CdTe shows that the observed spectrum can be
reconstructed by the presence of both defects, Cu and A - centers. For the

calculation we assumed a linewidth of 20 meV the Zero Phonon Line (ZPL) and

the phonon replicas, the position of the ZPL is given by E(hV) = E - E -gap a
Ed, neglecting Coulombic effects in undoped material. Ed is the shallow
donor binding energy of 14 meV in CdTe.

The DAP band in ZnTe can be reconstructed in a similar way by a

superposition of the Cu and A - center spectrum. In this case we used Ed =
17 meV and for the LO phonon energy 26 meV [I1. The lineshape of the ZnTe

DAP band of fig.4 is well reconstructed when energies of Ea = 150 meV for

the Cu acceptor, and Ea = 160 meV for the A - center were taken. For the Cu

acceptor this value is in close agreement to the PL data of ref. [7] (Ea=

149 meV ). The binding energy for A - center (Cd vacancy - Al donor) has

been determined to be 170 meV from ODMR investigations [153 compared to our
value of 160 meV.

In the alloyed samples this analysis is much more complicated because the

phonon structure becomes less significant it is completely absent in the

composition range from x > 0.2 to x < 0.8 (see fig. 4). However, the
observation of a broad DAP band in each of these alloy samples indicates

that both defects, Cu and A - centers, are still present. The energy shift

of both Cu and A - center DAP bands in the alloy is consistent with our

calculations and included in fig. 2.
It should be noted that the binding energy of Cu is almost independent of

the host, 145 meV for CdTe and 149 meV for ZnTe, this is expected for 3d
transition metal impurities from theory (16). Whereas the A - center binding

energy changes about 25 % from ZnTe to CdTe. Assuming that the Cd - vacancy

is the dominating part of the A - center, the wavefunction is set up from

the dangling bonds of the Te neighbors. In the undistorted lattice the
valence band is set up mainly from the Te 4p - wavefunctions, the energy

shift of the vacancy levels is therefore expected to be roughly the same as

that of the valence band from one compound to the other. As shown in the

previous section the valence band shift amounts to 12% of the total energy
gap shift from CdTe to ZnTe. This is only half the value obtained for the A

center but shows the correct trend. The deviation from this simple model
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may be partly explained by the more complex nature of the A - center
including a nearby donor.

CONCLUSIONS

In conclusion excitonic line broadening has been observed on the copper
bound exciton recombination in bulk grown Cdl xZnxTe crystals. The alloy
composition dependence is properly described by models taking into account
statistical fluctuations of the cation density, the nature of the exciton
recombination (pseudo-donor model) and the conduction/valence band offset in
this system. The Donor - Acceptor pair luminescence in the crystals is a
superposition of recombinations due to residual Cu acceptors and A - centers
( anion vacancy - donor pairs ). It has been investigated as a function of
the alloy composition x.
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ABSTRACT

We have characterized MOCVD grown ZnS layers for thin film electroluminescence
(TFEL) devices. Films with thicknesses ranged from several A to 2 lAm were studied by x-ray
diffractometry (XRD), cross-sectional transmission electron microscopy (XTEM), high-resolution
transmission electron microscopy (HRTEM), and ultraviolet-visible photospectrometry (UVS).
From HRTEM micrographs, it was observed that ZnS films consist of a mixture of hexagonal and
cubic phases. Correlation of UV absorption spectra with XRD analysis resulted in a method for
quantitative determination of the cubic packing fraction of polymorphic ZnS films. The initial ZnS
layer (< 1000 A) deposited on BaTa 20 6 had more hexagonal than cubic phase because of denser
crystal defects. However, the fraction of cubic phase increased with the film thickness. In
addition to film microstructures, the mean grain size, growth rate, film uniformity, and surface
roughness of MOCVD grown ZnS thin films as functions of film thicknesses and substrate
te-.peratures were also calibrated by XTEM results.

INTRODUCTION

A major obstacle for developing ZnS EL full color flat panel displays is that the insufficient
intensity of blue light emission ( two orders of magnitude lower than that of red or green emission)
[11. Many studies have been performed in order to improve the intensity of the blue light emission
[1-41. They include, for example, using 1) better electroluminescent impurities, e.g. Tm, rather
than Al, Ag, etc.; 2) new growth methods, e.g. ALE or MOCVD, rather than sputtering or e-beam
evaporation; 3) alternative host compounds, e.g. CaS or SrS, rather than ZnS; and 4) advanced
doping methods, e.g. ion implantation, rather than in-situ doping. One of the possible reasons for
poor blue EL emission is the loss of hot electrons to crystal defects within ZnS thin films 151. In
addition, a faint luminescence layer appears to result from an existence of a fine grain regime
formed during the initial deposition of the ZnS film on an insulating layer 16,71. It was also
reported that hexagonal ZnS is favorable for electroluminescence centers [8]. Thus, the ability to
control and characterize the film microstructure appears essential to improved intensity.

In this study, the structure of ZnS layers grown by MOCVD on insulator/ITO/glass
substrates was characterized by a variety of techniques.

EXPERIMENTAL

ZnS Thin Film Growth

A modified Spire Model SPI-MOCVD 450 system was used to grow ZnS thin filns on
BaTa206/ITO/glass substrates provided by Planar System, Inc.. The growth parameters used in
this study are listed below:

"* Precursors: diethylzinc (DEZ) and H2 S
"* Substrate temperature: 250, 300, 350, and 400 °C
"* Growth time: varied from several seconds to 30 min.
" VI / 11 ratio: 100
"* Reactor pressure: 80 Torr

Material Characterization

A Philips ADP 3600 X-ray Diffractometer was used to determine the crystal structure of
ZnS films. Since it was found that the ZnS films consist of both cubic and hexagonal regions, tte

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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determination of their crystal structures was difficult. The principal problem is that for every
reflection from the cubic phase there exists one or more hexagonal phase with a very similar
reflection. A 4-crystal high-resolution XRD system was also tried to distinguish the small
difference in interplanar spacings between these crystal structures. However, this did not work
due to the low x-ray intensity and the polycrystalline nature of the film. There was a x-ray
technique using the intensity that allows one to estimate the cubic fraction 191. In addition, TEM
and HRTEM were used to characterize the microstructures and to calibrate film growth
characteristics. A JEOL 200CX TEM and a JEOL 4000FX HRTEM were used. Most of the
samples were examined in cross section. The UVS was used to measured the absorption edge and
therefore the energy gaps of ZnS films from UV absorption spectra. From these results the
different phases within the polymorphic ZnS films could be distinguished due to their larger
difference in the energy gaps, i.e. 3.54 eV and 3.67 eV for cubic and hexagonal phase at room
temperature, respectively I 101.

RESULTS AND DISCUSSION

Film Microstructures

1. Polymorphic structure: The first problem encountered in microstructure studies was how to
distinguish the different crystal structures in polymorphic ZnS films grown by MOCVD. It had
been reported that ZnS films grown by MOCVD using H2S as the group VI precursor had a cubic
structure and, in some cases, a mixture of cubic and hexagonal structures 111,12]. Usually, XRD
was the major characterization technique used to identify the film crystal structure. However, it
appears to be not possible to distinguish these two similar structures by XRD alone since there are
always several hexagonal related diffraction peaks at the same angle as every significant peak of the
cubic phase 113,141. The XRD spectra of different thickness ZnS films grown by MOCVD under
the stated conditions are shown in Figure 1 and the possible indices of each peak are listed in Table
I. The film thickness of each sample was calibrated by XTEM. It is very difficult to make any
conclusion as to the crystal structure of these films since peaks of both structures almost overlap.

00 0 0 0 30 2i
6O • ~0 io o t

Figure I The XRD spectra of different thickness ZnS films grown at 350'C
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Table I The possible ZnS indices of the major peaks observed in Figure 1

PEAK d(A) BaTa20 6  3C 2H 4H 6H 8H 10H 9R 15R 21R

1 1.534 622* - 222 00.4 00.8 00.12 - - 20.6 20.10 20.14
2 1.631 - - 311 11.2 11.4 11.6 11.8 11.10 20.3 20.5 20.7
3 1.799 402* 052t --. -- - -- -- -- - - 11.9 -
4 1.993 - - - 10.5 - 10.10 - - - -
5 2.542 511* -.. - -- -- -- - 10.8 - - -
6 2.910 430* 410t - 10.1 10.2 10.3 10.4 10.5 - - -
7 3.114 - - 111 00.2 00.4 00.6 00.8 00.10 10.3 10.5 10.7

Data from JCPDS-ICDD and [9,151; * Hexagonal; t Orthorhombic

A significant peak (number 7), which could be identified as (111) cubic or (00.1)
hexagonal, emerged when the ZnS film was thicker than 1000 A. When the film became thicker,
an additional peak (number 2) became more intense. This peak could be identified as (311) cubic or
(11.1) hexagonal. From these direct XRD results, the crystal structure evolution during the initial
ZnS growth on BaTa 2 0 6 was revealed though the crystal structure in term of cubic or hexagonal
could not be distinguished unambiguously. As previous discussion, there was a reported method to
determine the fraction of each structure using XRD technique. This is based on the fact that the
relative ratio of the integrated intensities of hexagonal peaks to that of cubic (Il1) peak is
proportional to their fraction in mixed crystals 191. Using this technique, we have determined the
cubic fraction of ZnS films grown by MOCVD and found it was between 40% to 60% depending
upon their thicknesses and growth temperatures. These results were also correlated to the energy
gap determination which will be discused later.

The ZnS polytypism could be identified from HRTEM micrographs showing the
periodicity of the layer stacking [161. The multiple stacking periodicity of the closed-packing
layers in a MOCVD grown ZnS film was observed (Figure 2). In these HRTEM micrographs,
there are regimes of cubic and hexagonal phases, for example, 6H structure.II

(a) (c)

(b) (d)
Figure 2 The typical XTEM micrographs of ZnS films grown for 15 min. (a) at 250'C (b) at 300°C

and the HRTEM micrographs of (c) the bulk of ZnS films (d) the interface of
ZnS/BaTa2O6
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In addition, the polymorphic crystal structures were distinguished from their energy gap
measured at room temperature by optical techniques. It was found that the measured absorption
edges varied with the mean film thickness. As the mean film thickness increased from 700 A to
6000 A, the wavelength of the absorption edge of ZnS films grown at 350'C increased from 333.0
nm to 335.7 nm, respectively. They correspond to a shift of the energy gap from 3.72 eV to 3.69
eV as shown in Figure 3. The measured absorption edges were also affected by film growth
temperatures. For films with a similar thickness, for example approximate 2000 A, the wavelength
of the absorption edge of ZnS films increased with the growth temperature.

It was reported that the shift of energy gaps of ZnS films could be related to their cubic
packing fraction, a ratio of zincblende to wurtzite crystal structure of a mixed material [ 17-191.
Figure 4 shows the correlated results of the cubic fraction determined by XRD and the energy gap
measured by optical absorption . This method was not only able to distinguish these different
structures in ZnS but also to determine the fraction of each phase in the mixed structure. Based on
these measurements, the crystal structure of ZnS films grown by MOCVD increases in the fraction
of cubic phase with increasing the film thickness. Also shown are reports by other groups using
reflectance measurements alone (the determination of cubic fraction not present) on a line drawn
between the cubic and hexagonal energy gaps. Although all results show the same tendance, their
discrepancy may be due to the different techniques used to measure the bandgap and cubic fraction.

2. Interface: The observation of the fine grain layer of ZnS films in EL thin films is very common
16,201. This had been attributed to the so called "dead layer" in electroluminescence and one of the
causes of higher threshold voltages for luminescent emission. To date for published works
MOCVD grown ZnS EL films without a dead layer were grown by using DES or CS2 as sulfur
precursor. However, ZnS thin films grown by using H2S always had the dead layer 112,201.

A fine grain layer extended from the ZnS/BaTa 20 6 interface up to approximate 1000-2000
A above which columnar grains became larger (Figure 2ab). It was interesting that this coincided
with the thickness below which no significant preferential orientation, i.e. (11l) or (00.1), was
observed in the XRD results and all peaks resemble that of the substrate materials. The interface
between a ZnS film and an insulating BaTa20 6 layer had been examined by HRTEM (Figure 2d).
It was observed that small regimes (indicated with arrows) of ZnS aligned on preferred orientations
of the crystalline BaTa20 6 indicating some nucleation by the insulator. In addition, very fine
"clusters" which were slightly misorientated to each others were also observed in some interfacial
regions as well as the initial layer. Thus, within the initial ZnS layer deposited on BaTa20 6 denser
crystal defects appear to associate with a higher fraction of hexagonal phase observed.

Growth Characteristics

The growth characteristics were calibrated using cross-sectional TFM micrographs. They
include the mean grain size, growth rate, film uniformity, and surface roughness as functions of
film thicknesses and substrate temperatures. In the sample grown at 350'C for only I second, no
ZnS island or layer could be identified on the surface of the BaTa206 substrate. After 5 seconds of
growth, small islands about 20-30 A height and 5-10 A wide were observed. The separation
between islands was approximately 30-100 A.

2H 4H 6H 1OH 3C
336 3.85-

1 3.80
S335 0- 3 75

3.70 -
(~334 .

o r~~----l 365
0 50*C - 0 UF

3333 360 0 CRC[101

332 0 3 350-

0 2000 4000 6000 800 0.0 0.2 0.4 0.6 0.8 1.0

FILM THICKNESS (A) CUBIC PACKING FRACTION

Figure 3 The wavelength of the absorption edge Figure 4 The relationship between the cubic
varied with the ZnS film thickness and packing fraction and the energy gap
substrate temperature of ZnS films
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1. Grain size: The mean size of columnar grains increased from approximate 500 A at the interface
up to 3000 A when the film thickness was greater than 0.7 lim (Figure 5a). The substrate
temperature slight affected the mean grain size. In Figure 5b, the mean grain size at the interfacial
region did not vary significantly with the substrate temperature. This could be attributed to the
effect of the grain size of the insulating BaTa20 6 substrate layer. The mean grain size at a region
about 0.2 gtm from the interface was larger than that at the interface and also did not vary
significantly with the substrate temperature. However, the grain size distribution as indicated as
the error bar was different.

2. Growth rate: The growth rate was determined from Figure 6. It was found that the growth rate
was slower during the first two minutes of growth. Subsequently, it became greater slightly. This
phenomenon appears to be related to the evolution of the film structures as discussed previously.

3. Film uniformity: Generally, the film thickness varied across an entire sample. This was
indicated by the error bar as shown in Figure 6. The thicker films exhibited a greater variation in
uniformity. This appears to be due to the facet growth and the greater grain size. The film
thickness variation was < ±15 % of the total film thickness.

4. Surface roughness: The surface roughness was measured as the surface peak-to-valley height
on average as shown in Figure 7. When a film was thinner than 1000 A, the surface roughness
was smaller than 100 A. For a thicker ZnS film, the surface roughness increased several fold.
Significant surface faceting caused the increased roughness. The surface roughness was about
6-10 % of the total film thickness.

"4000 1500-

3000,

_ i~1000-

o2000

" 500

1 000 0 ' "il, t

0 . 0~
0 2000 4000 6000 8000 200 250 300 350 400 450

FILM THICKNESS (A) SUBSTRATE TEMPERATURE (°C)

Figure 5 The mean grain size of ZnS films (a) varied with film thicknesses (b) as a function of the
substrate temperature
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S UMMIIAR Y

In summary, we have presented severdl results of !he structure of the ZnS thin films grown
by MOCVD. Multiple characterization techniques, including XRD, TEM, HRTEM~and UVS,
have been used to analyze this materials system. From HRTEM micrographs, several different
crystal structures, such as 3C, 6H etc., have been observed. It was shown that the cubic packing
fraction could be estimated from the relative ratio of the integrated intensities of cubic phase to that
of hexagonal phase. The measurements of the room temperature energy gaps of ZnS films by UVq
absorption provide a more convenient way to identify the polymorphic str-uctures. Correlating the
absorption and x-ray measurements made it possible to deduced a linear relationship between the
cubic packing fraction and the energy gap of polymorphic ZnS thin films. In addition, the mean
grain size, growth rate, film uniformity, and surface roughness of MOCVD grown ZnS films were
calibrated using XTEM micrographs. It was found that initially ZnS films grew at a slower rate
which increased as the film thickness increased. The nonuniformity and surface roughness also
increased with thickness. There was a little dependence of the mean grain size on the growth
temperature where as the growth rate was maximized at 350°C.
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ABSTRACT

ZnSerZnCdSe diode structures were grown on (In,Ga)As buffer layers
by molecular beam epitaxy. Lattice distortions and defect distributions in
bulTer layers and diode structures were examined by X-ray diffraction andt
transmission electron microscopy. Diode structrues with low dislocation
densities were obtained by the growth on tetragonally distorted
hln.i043Ga0 .957 As buffer layers, the lattice spacing of which is slightly smaller
than that of ZnSe.

ZnSe has long been considered as the leading candidate of materials for
development of light emitting devices operating in the blue and green spectrini
ranges. Difficulty in obtaining conductive p-type of this material, how\e'. r. has
prevented progress towards the realization of such optoelectronic devicc. In
the past decade, new low temperature epitaxial growth techniques represented
by molecular beam epitaxy (MBE) and metallorganic chemical vapor
deposition (MOCVD) have led to the resurgence in the research of ZnSe and
other wide gap I1-VI semiconductors with the expectation that the advantage of
employing these epitaxial growth techniques may enable us to overcome the
afore-mentioned material problem. These research efforts have resulted in
successful p-doping in ZnSe using a nitrogen plasma source in NIBE in the last
year 11,21, and very recently have led to the realization of ZnSe based p-n
Junction light emitting devices such as pulse lasers 13-51 and multiple otiantonl
well light emitting devices 161. It is expected that these recent developments
will open a new stage of the research on wide-gap Il-VI semiconductors aimed
at their full device applications.

One of the major problems to be solved for further progress towards the
development of ZnSe-based devices is the formation of high density defects in
cpilayers which results from the lattice mismatch between ZnSe and GaAs:
GaAs is widely used as a substrate for the growth of ZnSe at present owing to
the unavailability of high quality ZnSe bulk single crystals. With the lattice
mismatch being 0.25% (room temperature), pseudomorphic ZnSe layers can he
grown on a GaAs substrate only up to thicknesses around 2(X)0 which ik to"

Mal. Re;. Soc. Symp. Proc. Vol. 242. t992 Materials Research Society
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thin for realistic device structures. In the past several years, a number of
methods have been developed for reduction of defect densities in lattice
mismatched layered structures of III-V and elemental semiconductors. Direct
applications of those methods to I1-VI semiconductors, however, may not lead
to sucessful control of defect densities because of considerable differences in
mechanical properties of these materials from those of Ill-V and elemental
semiconductors. In the present paper, we report an approach for overcoming
the problem of the defect formation caused by the lattice mismatch between
ZnSe and GaAs. By utilizing a MBE system having separate growth chambers.
ZnSe/ZnCdSe diode structures were grown on (lnGa)As buffer layers.
Addition of In to GaAs crystals is known to make the alloy crystals highly
resistive to the generalion and multiplication of dislocations 17.81. The
(In,Ga)As buffer layers with the proper control of the In mole fraction.
therefore, are expected to serve as lattice-matched substrates having very low
defect densities for the growth of ZnSe-based structures.

All structures examined in this study were grown in a Perkin tliner
modular MBE system consisting of separate growth chambers for the II-VI and
Ill-V layer growth. (In.Ga)As buffer layers with a thickness of 4pim were
grown on ( •00) GaAs at 520WC. The In mole fractions in the buffer layers were
varied among samples over the range from 4 to 6'5. After the buffer layers
were transferred to the II-VI growth chamber under ultra-high vacuum, ZnSe
diode sturctures with ZnCdSe quantum wells were grown at 2400 C. 'ITle total
thickness of diode structures are typically 3.5pm. Quantum well structures
consist of several layers of ZnCdSe and ZnSe with individual layer thicknesses
ranging from 60A to 1OA0 Nitrogen and chlorine were doped in diode
structures as acceptors and donors, respectively. Details of growth procedures
of these structures are described in a separate report 161.

X-ray rocking curves of diode structures and (In.Ga)As buffer layers
were obtained using a four crystal Si monochromator with the Cu K, radiation.
For the examination of buffer layers. diode structures were removed by
selective etching. Both (400) and (51 1} diffraction peaks were recorded in
order to determine the lattice spacings in the directions parallel and
perpendicular to the interfaces. Full width at half maximum (FWIIM) of (4(X))
peaks of (In,Ga)As buffer layers ranges from 100 to 150 seconds. These values
are in good agreement with the results of earlier studies which measured
FWIIM of (In,Ga)As layers grown on GaAs by MBE 19.101. From the analysis
of (511 1 peaks, the crystal lattices of kinGa)As buffer layers were found to be
tetragonally distorted, implying that the lattice mismatch at (InGa)As/GaAs
interfaces are partially relaxed by misfit dislocations. The estimated values of
the c/a ratios of tetragonally distorted lattices range from I (-0010 to 1.0012. The
In mole fractions in the buffer layers were estimated from measured lattice
spacing by taking the tetragonal distortion into account, and assuming a
Vegard's relationship. The FWHIM of ZnSe in diode structures also range from
IM() to 150 seconds. Unlike the (ln,Ga)As buffer layers, no significant
tetragonal distortion was observed by the analysis of (511 ) peaks of diode
stnrctures.
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Defect distributions in the samples were examined by a JEM 2(00EX
transmission electron microscope (TEM). For the observation, cross-sectional
and plan-view specimens were prepared by ion-thinning. llighly developed
networks of misfit dislocations were observed at (ln,Ga)As/GaAs interfaces of
all observed samples. Figure I is a cross-sectional bright field image of an

aA s

Fig. I Cross-sectional bright field image of the Ino0o_ 4 Gao.946 As/GaAs interface.

lno,0s 4Gao.946 As/GaAs interface. This image was taken by tilting the
specimen about the [01i I axis, so that misfit dislocations parallel to the (0111
axis are seen as short segments in the image. As seen in the cross-sectional
image, dislocations have threaded towards the GaAs crystal from the interface,
while the interior of the (ln,Ga)As buffer layer remains as a dislocation-free
crystal. This observation clearly shows the difficulty of generation and
multiplication of dislocations in (In,Ga)As crystals. In plan-view images of the
buffer layers, no dislocation was observed except for the region close to
(In,Ga)As/GaAs interfaces, implying that dislocation densities in the buffer
layers are less that 105 cm- . Such low dislocation densities appear to
contradict large FWYIM of X-ray diffraction peaks obtained from these buffer
layers. According to a simplified relationship between FWHM of X-ray
diffraction peaks and dislocation densities, the measured FWIIM corresponds
to dislocation densities in the range of 107 cm-2 [Il, which is significantly
greater than the observed densities. One possible explanation for this apparent
discrepancy is that the large FWIfM results from a nonunifomi distribution of
elastic strains in the buffer layer which is caused by the large variation of
spacing of misfit dislocations at the (In,Ga)As/GaAs interface. A more
systematic analysis, however, is necessary to substantiate this explanation.

Figure 2 (a) and (b) are cross-sectional bright field images of
ZinSe/(InGa)As interfaces with two different In mole fractions in the buffer
layers. At the ZnSe/Ino.(t0Ga0.,9 60As interface, closely spaced misfit
dislocations are seen, even thoigh the lattice parameter of a bulk (lnGa)As
crystal with the 4.0% In mole fraction exactly matches that of ZnSe at the
growth temprature (240)C). ( A lattice match occurs at a slightly lower mole
fraction, 3.5%, for room termperature because of the difference of themal
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Fig. 2 Cross-sectional bright field image of (a) ZnSe/lno.o.40Ga0, 9 6nAs and
(b) Ino.(054 Gao.946 As interfaces.

expansion coefficients). The ZnSc/Ino.054Ga0.946As interface, on the other
hand, appears to be nearly free from arrays of misfit dislocations. In plan-view

images, misfit dislocations were observed, but their density is lower than that

at the ZnSe/lnolw)40Gao.96t)As interface. These observations imply that the
lattice matching is obtained with a higher In mole fraction than that expected
from the lattice constants of bulk crystals, and are consistent with the afore-

mentioned results of X-ray diffraction. Although the lno.0)54Ga0,946As buffer
layer with the tetragonal distortion gives rise to close lattice matching with

ZnSe at the growth temprature, relatively high density dislocations and

stacking faults were observed in diode structures grown on these buffer layers.
Many of these defects exist in the region from the middle to the free surface of

the diode structures as seen in Fig. 2(b). One possible cause of these defects is
the relatively large difference of thermal expansion coefficients between ZnSc
and Ill-V semiconductors; the lattice parameter of ZnSe is slightly smaller than

the lattice spacing of the tetragonally distorted loll.o54(ala0 ')4TAs crystal in the

direction parallel to the interface at the growth temperature and further

decreases at room temperature, compared to that of' the In0(j,;,6a 0 .(IAS

crystal, resulting in a large tensile strain.

"lime best structural quality of diode structures was obtained by the

growth on (ln.Ga)As buffer layers whose lattice spacings along the inlerflace is
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Fig. 3 (a) Cross-sectional bright field image of a ZnSe/ZnCdSe diode structure

g roiwn on Ino fGao 957 As,(b) plan-view bright field image ofZnSe/lno.(M3G io.957 As interface.

slightly smaller than that of ZnSe, giving rise to compressive strains in diode
structures. Figure 3(a)is a cross-sectional bright field image of a diode structure
grown on an ino (.( 3Gao.957As buffer layer. The entire region seen in the
image is free from dislocations including the interface. Figure 3(b) is a plan-
view bright field image of the ZnSe/lno,(4 3Gao. 957 As interface which shows a
widely spaced group of misfit dislocations. Densities of threading dislocations
in diode structures grown on InO.043Gao.957As buffer layers are in the lower
range of 1(6 cni-2 . From these diode structures, highly efficient blue/green

electroluminescence 161 and diode laser actions 131 were obtained. The results
described above clearly demonstrate the effectiveness of using lattice matched
Ill-V semiconductor alloy buffer layers in reducing defects in ZnSe-based
device structures. It is also suggested by the present study that further
significant improvement is possible by making precise control of the In mole
fraction to obtain stable pseudomorphic layers both at growth temperatures and
room temperature.
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MBE GROWTH AND PROPERTIES OF WIDE BAND-GAP
1I-VI STRAINED-LAYER SUPERLATTICE

HAILONG WANG JIE CUI AIDONG SHEN LIANG XU YUNLIANG CHEN
AND YUHUA SHEN
Shanghai Institute of Optics and Fine Mechanics, Academia Sinica
P.O.Box 800-216 Shanghai 201800, P.R.China

ABSTRACT

The (ZnSe) /(ZnS)a strained layer superlattices (SLSs) on (100)
GaAs and (ZnTe) 0 /(ZnSe) SLSs on (100) InP have been grown by
molecular beam epitaxy tMBE) and atomic layer epitaxy (ALE). The
structural characteristics of these SLSs were investigated in situ
RHEED observation, low-angle X-ray diffraction spectra, TED image
and AES analysis. The optical properties of the SLSs, such as
refractive index of superlattice materials, photoluminescence (PL)
spectra, transient PL spectra, Raman spectra, far-infrared
reflectivity spectra and Optical nonlinear have been studied.

INTRODUCTION

II-VI wide-gap semiconductor strained-layer superlattice are
potential materials for application to optoelectronic devices in
the short-wavelength visible region. Recently, major efforts have
devoted to realizing blue or green light emitti devices
(LED)/laser diode (LD)

1 1 
'
3 

and optical waveguide devices"'7. For the
reason, it is important to study structural and optical
characteristics of these superlattice materials for getting high-
quality devices.

In this paper, we report studies of the structural and optical
properties on ZnSe-ZnS and ZnTe-ZnSe SLSs, grown on GaAs and InP
substrate by MBE. A lot of results are the first observation at our
laboratory.

MBE GROWTH OF ZnSe-ZnS AND ZnTe-ZnSe SLSs

Devices-quality ZnSe-ZnS and ZnTe-ZnSe SLSs have been grown by
MBE in Our laboratory. The substrate used were semi-insulating
(100) GaAs and high-resistance (100)InP. High purity Zn(6N), S(6N),
Se(5N) and Te(6N) were used as source materials. The cell
temperature for Zn,S,Te,Se are 250

0
C,200

0
C,230°C and 220

0
C

respectively. Vapor pres ure of Zn,S,Te,and Se beams at the
substrate position are 10"-10"STorr range, which were monitored by
nude-gauge. Typical beam pressure radio (BPR)Zn/S,Te,Se was taken
to be 0.5-1. The growth were carried out at a substrate temperature
about 350

0
C for ZnSe-ZnS SLSs on GaAs substrate and 320

0
C for ZnTe-

ZnSe SLSs on InP substrate, respectively. In this condition, the
growth rate is about 30A/min.

EXPERIMENTAL

The reflective high-energy electron diffraction (RHEED) have

been used to monitoring the crystalline and surface smoothness of
the grown layers of ZnSe-ZnS and ZnTe-ZnSe SLSs. Auger electron
spectroscopy (AES) technique was used for analyzing the depth
profile of the epi-layers and interface qualities. We measured low-
angle X-ray diffraction in order to determine superlattice
periodicity. TEN and TED observation were carried out bJ)Ksmn3 t•-
4000EX transmission electron microscope.

Mal. Res. Soc. Symp. Proc. Vol. 242. '192 Materials Research Society
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We measured refractive index of SLSs, transient PL spectra
Raman spectra, far-infrared reflectivity spectra and optical
nonlinearity. The optical properties of SLSs have been studied in
detail.

RESULTS AND DISCUSSION

Structural characteristics of SLS

Fig.1 shows the RHEED patterns of ZnSe-ZnS and ZnTe-ZnSe
superlattices at the end of growth. Long streaky pattern together
with Kikuchi lines shows that epi-layer grown is of a high-quality
crystalline and smooth surface morphology. This is confirmed by
TEM, TED and AES observation (Fig.2, Fig.3 and Fig.4). From Fig.4
you can see that satellite diffraction spots due to the
superlattice periodicity are observable on side of the fundamental
sports. The satellite sports of four orders along (001] axis were
observed, showing that rather smooth interfaces and accurate
periodicity were obtained on the superlattices with one period
composed of 15A ZnSe layer and 15A ZnTe layer. The superlattice
period determined from the spacing between satellite and
fundamental sports is about 29.6A.

(a) (b)

Fig.l. IMEElI) patterns of (a) ZnSe-ZnS SLS

(b) ZnSe-Zn'le SLS

IfCD

v i Fig.2. AES analysis profiling
S~of ZnSe-ZnTe SLS.',4'.

/\/

0 1.0 20 3)0 40

Sputier lrn Trie C(fnlin)
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Fig.3. A (110) cross-sectional image of a
superlattice with a structure of
ZnSe(29A)-ZnS(27A)xI00, showinig clearly
a periodic Z nISV-ZnI ; IIIy(_,-;trin cltut-e.

Fig.4. ASTED pattern of a ZnSe(15A)-ZnTe(15A)

superlattice for 11101 electron beam incidence.
Four orders of satellite spotsL due to the
periodicity of the suiporlstt. ice are observed.

Fig.5 shows a typical low-angle X-ray diffraction measurement
of ZnSe(20A)-7nTe(20A) SIS grown on [rP substrate by ALE. A period
of the SLS determined by the Bragg peak was 38A, which is good
agreement with results of counting number of atomic layers.

Optical and spectroscopy Ilrorties of SI.Ss

Refractive index of SLSs

The refractive indices of ZnSe-ZnS and ZnTe-ZnSe SLSs were
determined, for the first tim by double-beam reflectance
measurements at room temperature. Fig.6 shows the refractive
indices of ZnSe-ZnS and ZnTe-ZnSe SLSs vs wavelengths. You can see
that a jump occurs at about the photon energy equal to E (e-h).
This discontinuity cannot be found in the index curves of bulk ZnSe
and ZnS materials. Our results show that the difference between the
indices of the SLSs and those of their compositional materials are
even much large than 20%. This may result from the elastic strain
caused by the large lattice mismatch, which shifts the quantized
levels for a few hundred meV.
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200

Df£rdciion P•n.~o ' 0 (d gzCSX e)

Fig.5. Low angle X-ray diffraction pattern

ZnSe-ZnTe SLS sample.

J.0 ' ' '

2.8
X
uLJ

U-,

2.4 _ ZnS 2

u' 2.2

3

'00 00 800 000

WAVELENGTH inr)

Fig.6. TIhc rcfraciic indcx dispcrsion curves for ZnSc-ZniIc
and ZnSc-ZnS SLSs: (1) ZnSe-ZnTe (62 A. 46 A): (2) ZnSc-

Znlc (59 A. 39 A); (3) ZnSc-ZnS (29 A. 26 A). Thc dashed
lincs show thc indiccs of bulk ZnSc and ZnS.

Time resolved photoluminescence spectra of ZnSe-ZnS SLS

The transient photoluminescence spectra of ZnSe-ZnS SLS was
measured at 77K, for the first time.. The typical values of the

exciton formation time and decay time of the luminescence due to
exciton recombination are 40 ps and 100 ps, respectivel' . The
relationship between the exciton lifetime and well width of the
superlattice are shown also.

Fig.7 is an exnmple of transient luminescence due to ground
state exciton recombination at 77K in zero external field for the
ZnSe-ZnS sample with 13A ZnSe qtiantuim well width and 12A ZnS
barrier thickness. We also measiired the exciton life time for
different well widtlh. As fig.8 shows, the luminescence decay time
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decrease as we I I width It ILdc re aes from 30A to 1DA. The decrease
of life time directly resi , t 1.h, recombination enhancement duo to
local i 7 L" onLi ,, Ib i s is a t yiypical 21) quantum well confinement
vf ree. 1.

Our Iilestle'ulirt litidir te that, aor'i ization is tile main fact
for affect the oxci ton i f,-t imp ,vey al. tile high-temperature of
77K. Becais-t ili ZniS,-7?iS .S", th, t 'e x tanll bit. :ing ell, 1gy is much
large thiit , I IIie lNt r-.'" air r'y ( 20,1 -Vl

77K

I..=354oA

a

.4

I-H tot

0 135 270 405 540 675

Time (ps)

Fig..7. Transient ground state exciton luminescence
from the ZnS(12A)-ZnSe(13A) SLS.

a 200

• "F +
s+-HI

• 100 +

,-a -4-

10 15 20 2630

Well width ( A

Fig.8. Well width vs exciton lifetime in ZnS-ZnSe SLSa.
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Phonon spectra of ZnS,-Zn.S and Zn7Te-ZnSf- SLSs

In this paper, w~e preserit our measurement of fold LA'phoiic.'s
in ZnSe-ZnS SIS and ronf i nod LO phonon modes in ZnTe-ZnSe.
Theoretical annlyses include confinement anid strain effects are
carried out.

Fo]c' LA 'ioonons in ZiSe 7,,i iIS-Is
The samples itsed is ZriSe-ZnS SLS with 29A ZnSe layer and 26A

ZnS layer grown on (100) GaAs substrate at 320
0

C by MBE.
The Raman spectra were excited i-m back-scattering geometry at

room temperature with the l88nm line of an Ar' ion laser. Fig.9
shows the low-frequency region of the Raman spectrum for SS-I(ZnSe
29A, ZnS 26A). In the region of 10-90 cm I three doublet lines were
clearly observed near 22, 44 and 67cm 1, the separation between the
component of doublet is about 5 cm-

1
. We attribute these newly

apparel lines to the scattering from the longitudinal acoustic (LA)
phonons folded into the new Brillouin zone, which arises from the
additional periodicity of superlattices.

LO phonor, modes in ZnTe-ZnSe SLS
The ZnTe-ZnSe SLS samples were grown at 320

0
C by MBE on (100)

InP substrates. The Raman spectra were recorded with Job* -Yvon
laser spectrometer model JY-TOO in back scattering geometry"fl. The
measurements were performed at room temperature.

Fig.10 shows the Raman spectrum from the ZnTe-ZnSe sample ZST-
3. the thicknesses of ZnTe and ZnSe layer are 29A and 27A,
respectively. The period was repeated 100 times. Six confined LOI
phonon modes in the ZnSe layer and one confined phonon mode in the
ZnTe layer have been observed[9|. We have calculated the confined
phonon frequencies by considering the red shifts due to confinement
and the shift induced by elastic strain. Table I lies the
calculated and measured frequencies of the confined LO, modes in
the ZnSe layer.

80

E

C:

UJ

z~x xlz
_ý o

Z(x X)Z

0 30 6 90 120

RAMAN SHIFTIcMr4)

Fig. 9.Low-frequency regon Pja Spectrum for a
ZnSe(29A)-ZnS(26A) SLS.
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L0 \ LOi

L04 L03

\ I'
LT 1 L06

F

LT, 4880 ,
300 K
Z(X, X)Z

200 220 2410 260

RAMAN SHIIFT (cm-1 )

Fig.lO. Confined LO phonon modes in ZnSe layer of
the ZnSe(27A)-ZnTe(29A) SLS sample. LT1 is the
confined LO mode in ZnTe layer, the F Ieak is
attributed to folded LO mode and the question mark
to interface vibration or ZnSe-like TO mode.
X=(ITO), Y=(iI0), and Z=(0Ol).

Table 1

Measured and calculated frequencies of confined LO,,, modes

in ZnSe layer

WI73 W,,,,l

(cm-I) (cm-)

1 246 246

2 244 244.5
3 242.5 242.5
4 239 239.2

5 233.5 234.3
6 228.5 229
7 222

Far-infrared reflective spectra of ZnTe-ZnSe SLS.

Far-infrared reflectivity measurement is the simple way to
characterize the quality of the microstructures. We have reported,
for the first time, the far-infrared reflectivity spectra of II-VI
wide-gap compoiind ZnTe-7.nSe S|,Ss and determined the phonon
parameters by fitting the experimental data with the computer
calculated curves.
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Fig.11 show-; the far-infrared refiectivity spectrum for the
sample ZST-22. In t~e region 150-250 cm", there are two peaks near
180 cm

1 
and 210 cm correspond to the ZnTe-like TO and ZnSe-like

TO modes, respectivoly.
Fig.12 shows the fit curve, (*) are the measured data, (-) is

the curve calculated. The phonon parameters determined list in
Table 2.

3

1 0.- 5

I ZnTe-ilRe TO mode
2 ZnSe-like TO mode

04 3 GaAs Sub. TO mode

I ______ - ______ _______

100 200 300 400 - 00

WAVENUMBERS (cm-')

Fig.11.

The measured far-infrared reflectivity spectrum of
ZnSe-ZuTe trained-layer superlattice

1.0 -- T- - 1 1

0.8-

1.6

0.4

o4 0.2

170 210 250 290

WAVENUM13ERS (cm-)

Fig. 12.

Measurcd (') and fitted (-) far-infrared reflectivity
spectrum of the ZnSe-ZnTe SLS sample ZST-22 at
300K.
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Table 2
Phonon parameters giving beat fit to the measured re-
flectivity curve for the ZuSe-ZuTe SLS sample (ZST-
22).

lIayer_ _ c, wro(crn`) S d(A
ZnTe 8.3 178.2 4.63 24.7 86
Z11se 5.8 206.0 1.91 27.4 86

ZuSe buffer 6.0 210.5 1.8 27.0 0.12p

GaAB sub. 11.5 268.2 5.9 0.46

ZnSe-ZnS multiple quantum well optical nonlinearity

The multiple quantum well (MQW) wafer was cleaved to a

certain size and stuck on polished thin sapphire slice by epoxy
resin. A window on a GaAs substrate was opened by using selective
etching in order to transparent visible light. A MQW film with flat
surface and thicknesses of 1-21im was obtained on sapphire support.
Third harmonic beam of a YAG laser was used as a exciting light
source for nonl iina-trit.y measurement. Fig.13 shows measured
hysteresis loop in the ZniSe-7nS MQW film. It is shown that the
ZnSe-ZnS MQW materials are of apparent optical nonlinearity
effectstl1l.

-r 1-r_

0~

0

Fig. 13. H ystcresis loop of the ZiSc-ZiiS MQ\V ýtalori.

CONCLUSION

ZnSe-ZnS and ZnTe-ZnSe wide-gap I1-VI compound superlattices
were grown by MBE and ALE techniques. We have, for the first time,
determined refraction indices of thý SLSs, exciton lifetime, phonon

parameters. We observed the confined LO, (m= ,2, ... 6) in the ZnTe-
ZnSe SLS, the folded LA phonon modes in ZnSP-ZnS SLS and optical
nonlinearity effect. in ZnSe-ZnS MQW films.
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IN-SITU SPECTROSCOPIC ELLIPSOMETRY
APPLIED TO ZnSe AND ZnCdSe GROWTH PROCESS

IN ORGANOMETALLIC VAPOR PHASE EPITAXY

J. IACOPONI, 1.13. I3IIAT, 11. JOIIS* and J.A. WOOLLAM*
Electrica!, Computer and Systems Engineering Department, Rensselaer P'olytechnic In-

stitute, Troy, New York 12180 and J.A. Woolla"n Con.pary*, Iincoln, Nebraska 68508

ABSTRACT

Spectroscopic ellipsometry is a well developed technique for stud, ing the semi-
conductor materials and heterostructures. ftere, we have applied this technique to in-
situ studies of ZnSe and ZnCdSe growth in a low pressure organometallic vapor phase
epitaxy system. The growth of ZnSe on GaAs was studied using a light source in the
range 2 to 4 eV, and film thickness of a few tens of angstroms could be monitored by
this technique. The band gap and the composition of Znl_,Cd.Se could also be mea-
sured as a function of real time. It was found that, for a gas phase DMCd composition
of 60%, the amount of Cd incorporated in the layers is less than 25%. Spectroscopic
ellipsometry is demonstrated to be a valuable technique for in-situ monitoring of semi-
conductor growth in organormetallic sapor phase epitaxy systems.

1. INTRODUCTION

During epitaxy, real time monitoring of the growth process is important in under-
standing the growth mechanism as well as in controlling the layer thickness, interface
smoothness, doping incorporation and layer quality. Reflection high energy electron
diffraction (RHEED) is the primary tool used in molecular beam epitaxial (MBE) sys-
tem for this purpose, but electron beam probes of this type cannot be used in atmo-
spheric or low pressure organometailic vapor phase epitaxial (MOVI)E) systerm~s. Re-
cently, many optical monitorijig techniques such as reflectance difference spectroscopy
[1, 21, spectroscopic reflectonmetry [3, ,t] and spectroscopic ellipsometry 15, 61 have been
used to study the growth process in ,MOMIBE and MOVPE systems. Of these, spectro-
scopic ellipsometry (SE) is the most powerful tool, in the sense that both the surface
and bulk processes can be monitored in real time. In-situ analysis by spectroscopic el-
lipsometry has not been used until recently, because the analysis is computer intensive.
Due to the advancement in computer technology and software, data can now be taken
in a fraction of a second, so that it can be meaningful in a growth environment.

l'or ellipsometric studies, a linearly polarized light beam having p- and s-
polarization components is inciden ott a surface. The reflected wave is. itt general, el-
liptically polarized, and its state oi polarization is determined using a second polar-
izer (called an analyzer). The ;.tnalyzcr is rotated mechanically, and the relative intent-
sity of light as a function of analyzer azimuth is measured. We have used an arc lamp
as a light source with the output connected by fiber optics to a comtplter controlled
monochromator. The light from the monochromator is directed through a fiber optic
cable to a polarizer and then to the sample surface at an angle of approximately 70 de-

grees to the normal. The signal (let ected after the analyzer is digitized and a Fourier

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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analysis is performed. The result is a measurement of the polarization state of the sys-
tem represented by the complex number [7, 81

p - tan 0exp(iA)

The data is frequently expressed in terms of 0 and A. The value of p is related to
the value of complex reflection coefficients,

p = R,/R,

where R,, Lnd R, contain information on the properties of the material and the surface.
By fitting the experimental reflection results with the theoretical modelling, we can ob-
tain information about the nature of the surface as well as the material composition.
The penetration depth is varied by varying the wavelength of the light incident on the
sample from 3000A to 9000A. This feature is the most important because a suitable
wavelength can be used depending on the material under study. At Rensselaer, we have
used this technique to study the growth of ZnSe and Znl_,CdSe on GaAs for the first
time in a low pressure MOVPE system.

2. EXPERIMENTAL SETUP

Figure 1 shows the experimental setup for the SE studies. Our experiments were
performed in an r.f. heated, horizontal MOVPE reactor, equipped with a pressure-
balanced, vent-run gas system, operating at low pressure. Dimethylcadmium (DMCd),
dimethylzinc (DMZn) and dimethylselenium (DMSe) were used as the sources for ZnSe
and Znl-,Cd.Se growth. Substrates used were (100) GaAs wafers misoriented 20 to-
wards (110). The reactor pressure was maintained at 300 Torr for all the growth exper-
iments. The reaction chamber was a 2" i.d. quartz tube, with 3/41" diameter optical
access tubes at two sides so that the incident and the reflected light beanms were at ap-
proximately 70'C to the sample surface. The windows were 1/4" thick quartz optical
flats, mounted so that the incident light passed normal through them. The windows
were located away from the growth environment and no visible deposition was observed
on them after many runs.

3. RESULTS AND DISCUSSION

We studied ZnSc film growth at 400'C and 500'C with this system. During
growth, the ellipsometer continuously acquired data at three different energies, namely
2.07 eV, 2.58 eV and 4.13 eV. Light at the lower energies penetrated the entire ZnSe
film and was reflected back from the ZnSe/GaAs interface. This resulted in interferenc,'
oscillations as the film growth proceeded, which are readily observed in Figs. 2 and 3.
From the number of oscillations in the interference pattern, we can estimate the thick-
ness to be 0.75 pm; this has been verified using post growth measurement, by Fourier
transform infrared spectroscopy. The use of shorter wavelength light gives higher reso-
lution, which is required to monitor the deposition of thin films. Light at the higher en-
ergy could not penetrate the depth of the ZnSe film. The interference osci:.tions there-
fore died out, converging to a steady state value after the film became optically thick, as
seen in Fig. 4. Figure 5 shows the experimental and the modeled ellipsometric data for
a 20 rminute growth run of ZnSe on GaAs at 400'C, using this high energy probe. From
the ell ,metric data at tie growth temperat tire, the layer parameters were obtained as
follows: film thickness - 215 A, growth rate - 10.9 A//minute.
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Figure 1. Experimental Setup
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Figure 2. Tj data of 7633A ZnSe growth on GaAs (lower enegy data).
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Another application of spectroscopic ellipsometry is in in-situ monitoring of the
composition of ternary compounds. We deposited Znl-,Cd.Se on GaAs with varying x
values. These growth runs were carried out at 500*C. Figure 6 shows the spectroscopic
ellipsometric data after the growth of ZnSe and Zni-,Cd.Se, taken at the growth tem-
perature. For Znl_.Cd.Se growth, the DMCd/DMZn ratio in the gas phase was 3 to
2. For clarity, data for only one Znl-,Cd.Se layer are shown. For energy below the
band gap, the interference fringe pattern is observed, which gives the layer thickness.
For light energy above the band gap, A and i values give information on the composi-
tion. As seen in the figure, the band gap of the layer can be estimated during growth.
Even though the gas composition was 60% cadmium, the layer composition was less
than 25%. The SE method can thus be used to find the layer composition for a ternary
compound during growth. Closed loop control of the composition should be possible
after characterization of standard layers.

4. CONCLUSIONS

In conclusion, we have shown that SE method can be used for in-situ monitoring of
ZnSe and ZnCdSe growth rate. Layer thickness to tens of angstroms can be controlled
for heteL.,epitaxial layers. The composition of ZnCdSe was also measured during growth
and correlated to the gas phase composition. The SE technique can thus be used for the
monitoring and control of various epitaxial layers grown in an organometallic epitaxial
system.
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ABSTRACT

Pulsed KrF (248nm) laser ablation of a polycrystalline ZnS target has been used to grow
high quality, carbon-free, epitaxial ZnS thin films on GaAs(001), GaAs(l 11), and GaP(001).
The films were grown at temperatures of 150-450°C, using a rotating substrate heater and
deposition geometry that produces films with highly uniform thickness. X-ray rocking curves
are consistent with (11) stacking faults being the dominant defects in the ZnS films grown on
GaAs. The estimated stacking fault density is -6 x 1010 cm-3 , comparable to the best MOCVD
ZnS films. RBS analysis shows that these defects are located predominantly near the GaAs-ZnS
interface. The anisotropy of the ZnS growth rate, between the GaAs(001) and GaAs(I 11)
surfaces, was found to be temperature-dependent.

INTRODUCTION

Zinc sulfide (ZnS) is an attractive optoelectronic material because of its wide direct bandgap
(Eg = 3.7 eV, Xg = 335 nm). Thin, epitaxial ZnS films are especially interesting because of their
potential applications for active devices such as blue LEDs or laser diodes 11], and for passive
structures such as optical waveguides (21 or index-matching windows in solar cells (3]. The
techniques used to grow thin, crystalline ZnS films include physical transport methods (e.g.,
elemental vapor transport) and metalorganic chemical vapor deposition (MOCVD) [4,51. The
physical transport methods require high growth temperatures of 500-9000 C; defect complexes,
which may act as carrier trapping centers, are formed at these temperatures 161. Experience to
date with pyrolytic MOCVD shows that the principal problems with this approach are either
premature reactions in systems using H2S and zinc alkyls (e.g., dimethyl- or diethylzinc), or the
high temperatures needed to promote many alkyl-alkyl reactions (e.g., dimethylzinc and
dimethylsulfur) [6). In either case, the presence of an alkyl in the reaction poses an inherent
problem of carbon incorporation in the film, which may result in film polycrystallinity and
formation of carbon defect complexes [71.

Pulsed-laser ablation (PLA) is an attractive alternative deposition method that uses solid,
carbon-free sources. While PLA has become widely known recently for growth of epitaxial
high-temperature superconductor films, it also can be used to grow epitaxial films of other
ceramics 181 as well as both elemental (group IV) 191 and compound (e.g., lI-VI) [101
semiconductors. PLA has several principal advantages, including the ability to grade
compositionally an epitaxial layer [ ll ; growth of smooth films when the laser energy density,
Ep, and the target surface morphology are controlled properly [121; and, stoichiometric
(congruent) transport of material from the ablation target to the substrate surface, when laser
beam conditions are correctly adjusted [131. Several ablation regimes exist, including one in
which the constituents are transported as energetic (-several ev) neutrals and ions 1141. In
principle, this incident kinetic and/or internal energy can be used to reduce the growth
temperature, Tg. However, a well-known disadvantage of PLA film deposition is that the
angular distribution of ablated material usually is strongly peaked in the forward dimction so that
the film thickness varies rapidly with position (-Icos 61 n, with n -1.5-10) 115,161. As shown
here, this problem can be overcome by altering the ablation "plume"-substrate geometry,
resulting in films with highly uniform thickness.

In this paper we describe the preparation and structural properties of epitaxial ZnS films
grown by PLA on GaAs(001) and GaAs( ll]) substrates, using only moderate substrate
temperatures, Tg - 300 0C, and moderate laser energy densities, Ep = 0.2-1.5 i/cm2 . Preliminary
results for growth on GaP(001) substrates also are reported. ZnS films with excellent thickness
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uniformity were grown by using an offset laser beam geometry together with a rotating substrate
heater. The film growth rate was monitored in situ using an optical reflectivity method. An ex
situ reflectivity measurement by scanned laser spot was used to accurately determine film
thickness uniformity. The film-substrate epitaxial relationship was determined by x-ray
diffraction (XRD), using a 4-circle goniometer, the films' crystalline quality (defect density) also
was studied by XRD, using a 2-circle goniometer, and by Rutherford backscattering
spectrometry (RBS).

FILM DEPOSI7ION CONDITIONS AND GEOMETRY

Substrates of Cr-doped semi-insulating (SI) GaAs(001) and GaAs( 11) were used, with
areas of 25-50 mm 2. The substrates were degreased in organic solvents, then etched (15s) in
concentrated H2 SO 4 . The S-doped (n-type) GaP(001) samples were degreased, then etched
(15s) in a Br2(l%):MeOH solution, followed by an etch (5s) in a HCI:HN0 3 solution.
Following this, the substrates were passivated in an (NH 4 )2 Sx solution, mounted on the
substrate heater, and introduced into the growth chamber (2 x 10-7 Tort base pressure).
Immediately prior to film growth, they were heated to 420'C for 3 minutes, then cooled to the
growth temperature. It has been reported in MOMBE growth experiments that this
passivation/preheat treatment results in a 2 x I reconstruction of the GaAs surface, a reduction of
the surface-state density, and allows two-dimensional (2D) nucleation to occur from the
beginning of growth 117].

The substrate heater was designed with a pumped Wilson seal to allow the substrate-target
separation to be varied while still permitting substrate rotation during growth. The target and
substrate faces were vertical and parallel, with coincident rotational centerlines. Substrate-target
separations, Dst, were maintained at either 5.7 cm or 10.8 cm. At Dst = 5.7 cm, film growth
was carried out for T9 = 200-400°C, while for Dst = 10.8 cm, the temperature range used was
T = ! 5•'-4501C. Growth was i.,-uied out in vacuum or in an inert, low-pressure atmosphere
ofultra-high purity (99.9999+ %) helium. Growth in helium had little or no effect on film
quality, for pressures in the 0-10 mT range. Unless otherwise noted, the films discussed below
were grown in an atmosphere of 2 mT He, with Dst = 10.8 cm, to a film thickness -225 nm.

A pulsed KrF (248nm) excimer laser beam (-35 ns FWHM pulse duration) was passed
through an aperture and brought to a vertical focus (EV = 0.2 - 1.5 J/cm 2 ) on a 2.54 cm-diam
polycrystalline ZnS target (Angstrom Sciences; 99.999+ % purity) using a single +500 mm
cylindrical lens. The laser beam was incident on the target face at an angle of -25* from the
surface normal, with a horizontal offset L = 0.5-0.7 cm from the rotational centerline. Substrate
rotation was maintained such that there were 12.5 laser pulses per revolution.
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Figure 1. Offset geometry and resulting differences in film thickness uniformity for
Dst = 5.7 cm, and Ep = 0.35 J/cm 2 , with no substrate rotation or offset (1200 shots), and with

12.5 laser shots/rev, and 5 mm laser beam offset (2000 shots).
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Figure I shows that for Dst = 5.7 cm, this offset geometry and pulse rate resulted in films
that were completely uniform (±1%) in thickness over areas of -75 mm2 , and moderately
uniform (±3%) over areas of -300 mm 2. By modeling the film thickness uniformity as a
function of Ds, and L, we found that uniform film thickness can be achieved over much larger
areas simply by scaling, i.e., using larger separations and offsets 1181. Thus, although the small
size of the ablation target and chamber are constraining factors in the present experiments, these
are not fund.mental constraints on larger-scale applications of the PLA film-growth method.

RESULTS AND DISCUSSION

The ZnS films appeared smooth and mirrorlike under all deposition conditions;
examination by scanning electron microscope (SEM) revealed no surface features or structure at
the 50 nm level of resolution.

Epitaxial Alignment

; tThe crystallographic structure of the films was characterized by XRD (Cu Kax)
measurements. For growth on GaAs(001), only substrate peaks and strong ZnS(00P)
diffraction peaks were observed at all growth temperatures (Tg = 150-450'C) and for Ep =
0.2-1.5 J/cm 2 , confirming alignment of the film and substrate (001) axes. Analysis of ZnS
growth on GaAs(001) (Ep = 0.35 J/cm 2 , Dst = 5.7 cm, T9 = 300'C ) using a 4-circle
goniometer showed that the ZnS[001 Iand GaAs[001I were aligned to within < 0.21, and that the
in-plane ZnS and GaAs 11001 and [0101 directions also were aligned, i.e., the ZnS films are fully
epitaxial on GaAs(001). The lattice constant, ao, of the ZnS film was determined to be 5.404 +
0.003 A (bulk ao = 5.406 A.)

On GaAs(1 11), similar results were obtained: Only substrate peaks and strong ZnS(R22)
peaks were observed for t1 growth temperatures, and the ZnS(222j) Kai, KQ2 peaks were
easily resolved at all Tg. ,w--'r, on GaP(001) only a low intensity ZnS(004) peak was
observed for Ts > 300.C a, 35 J/cm 2, At no temperature could the 20 peak be resolved
into its Ka 1 , Ka2 compone - in-plane alignment has not yet been determined for films
grown on the GaAs(l I 1) anu ')1) substrates.

X-ray Broadening Due to Lattice Defects

The large lattice mismatch between ZnS and GaAs (4.4%), and between ZnS and GaP (0.8%),
results in strain and lattice defects that contribute to line broadening in the ZnS XRD peaks. For
epitaxial ZnS growrn by MOCVD, cross-sectional high-resolution TEM (HRTEM) studies 1191
showed that the principal defects were stacking faults, but lattice mismatch did not correlate with
the stacking fault densiy.

Figures 2 and 3 show typical rocking curve line profiles for the ZnS(004) Kat and
ZnS( 111) Kott peaks, using a 2-circle goniometer. Two superimposed peaks, one narrow and
one much broader, were observed for each orientation. The narrow central peak has a FWHM of

0.09', which is the limit of resolution for this instrument; the width of this peak did not change
with growth temperature. However, for both the GaAs(001) and GaAs(l 11) substrates the
width of the second, broad peak was temperature dependent. For the ZnS(004) peak, the
rocking curve FWHM decreased as Tg increased, reaching a minimum at Tg -325 0C, then
increased at higher growth temperatures (Fig. 4.) For the ZnS( II1) peak, the rocking curve
FWHM decreased continuously with increasing growth temperature (Fig. 5). At T8 = 300°C, the
integrated area intensity ratios of the two peaks, Inarrow/lbroad, were inflb(001) -0.06 and
In/lb( 11) - .108.

The two peaks seen in the rocking curve line profiles are characteristic of a film that
contains two distinct types of crystalline material. The broad peak is due to diffraction by
strained (or otherwise defective) regions, from which the diffracted amplitude is summed
incoherently; the narrow peak originates from regions of coherent addition of diffracted
amplitudes. Consequently, for an epitaxial film, the relative intensities of the narrow and broad
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peaks provide information about the type of defects present, by the following reasoning.
Stacking faults on the (11l) planes have little effect on the lattice coherency in the (1l29J)
direction; thus, a narrow rocking curve is obtained. However, lattice planes intersected by
stacking faults [e.g., the (009)] will be offset across the fault by a non-integral multiple of the
lattice spacing; this decreases coherency and appears as broadening of the rocking curve.
Therefore, the different relative diffraction intensities (In/Ib) quoted above for ZnS/GaAs(001)
and ZnS/GaAs(I 11) rocking curve line profiles are consistent with (111) stacking faults being
the predominant defects in ZnS films grown by PLA. This is not surprising due to the low
(5.4 mJ/m 2 [22]) stacking fault energy of ZnS. The presence of a narrow (001) peak indicates
that a region of near-perfect (coherently diffracting) crystalline material exists.

z z
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e (deg) 0 (deg)

Figure 2. Rocking curve profile Figure 3. Rocking curve profile
for ZnS(004) on GaAs(001) for ZnS( 11) or FaAs(111)
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Figure 4. ZnS(004) Kati rocking curve Figure 5. ZnS(004) Kao rocking curve for
ZnS/GaAs(001), ER = 0.75 J/cm 2  for ZnS/GaAs(l II), Eg = 0.75 j/cm2

Sebastian and Krishna [201 studied the broadening of the 20 XRD peaks due to a random
distribution of stacking faults in close-packed single crystals, with application specifically to ZnS
(treated as two interpenetrating fcc lattices). They found that the FWHM (A20) of certain 20
peaks (e.g., (009) peaks) is related to the stacking fault probability (a) by

A20 = (3/it) cos-1 I(4Z-Z2 -l)/2Z].
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For growth faults (no deformation twinning), Z = (2a-1])v 2 . Once at has been determined,
the stacking fault density (p) can be calculated 12 1). Consequently, if the principal defects in
PLA-grown ZnS films are stacking faults, as in MOCVD ZnS, then an upper bound for the
defect density can be obtained by assuming that all of the observed 20 broadening is due to
stacking faults.

Extensive line broadening of the (00) 20 peaks was observed: For T9 > 250'C, the
ZnS(0OP) Kai, Ku 2 peaks were deconvoluted using a Pearson VII function-fitting routine,
while for T9 < 2500 C the peaks could not be deconvoluted. The AT20 of the ZnS(002) Kai peak
reached minimum values of 0.1160, 0.1030, and 0.093' (corrected for instrumental broadening) at
Tg's of 3000 C, 350°C, and 4000 C, respectively. For stacking faults bounded by <112>/6 partial
dislocations, the broadening observed here corresponds to a stacking fault density p -6 x 1010
cm/cm 3 . This value is comparable to the lowest stacking fault densities found by HRTEM
examination of high quality MOCVID ZnS films 119).

In contrast to the results obtained for GaAs(001), no temperature-dependent line
broadening of the 20 peaks was observed for growth on GaAs(l 11). The A20 for the ZnS( 11)
Kai peak was 0.0350 (corrected for instrumental broadening).

As explained above, the (001) rocking curve (Fig. 2) reveals that both near-perfect
(coherently diffracting) and strained or defective (incoherently diffracting) regions are present.
The strained/defective region can be located by RBS channeling. The RBS spectrum of a
ZnS/GaAs(001) sample in Fig. 6 shows that the minimum yield, Xmin, from the surface region
is much less than from material near the film-substrate interface. (This is most easily seen from
the difference in slope of the sulfur peak for the aligned and random spectra.) This indicates that
most of the strain and defects are located near the interface, with the uppermost region of the film
being near-perfect. This has been confirmed by initial cross-section TEM images.
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Figure 6. Rutherford backscattering spectra, Figure 7. Relative growth rate in
random and channeling directions, for comparison for ZnS/GaAs(l 11)
ZnS/GaAs(001) with T9 = 400'C. and ZnS/GaAs(001) at various

growth temperatures.

Growth Rate: Temoerature-Detendent Anisotropy

The ZnS film-growth rate was measured in situ via the interference oscillations in the
intensity of a HeNe (633 nm) laser beam reflected from the upper and lower surfaces of the
growing film. For Ep = 0.75 J/cm 2, the growth rates for the ZnS/GaAs(001) films were in the
range 1.25-1.82 A per laser shot, while for ZnS/GaAs( 11) the rates were similar, 1.06-1.79 A
per laser shot. The variation in growth rate was found to be small in any particular growth run
(<t7%). Since the radial distance of the HeNe probe laser beam from the rotational centerline
varied from run to run, absolute growth rates in different runs are not directly comparable.
However, because of the relatively large area of uniform deposition, as many as four 36 mm 2

substrates could be mounted in each run, making possible the direct determination of relative
growth rates for different pairs of substrate materials, or for substrate surfaces of different
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crystallographic orientation, during a single growth run. In this way, it was found that the ZnS
growth rate was the same on GaAs(001) and GaP(001) for all T , but the growth-rate ratio
GR(I 1 )/GR(001) decreased with increasing temperature, as shown in Fig. 7. The different
temperature dependences of the (001) and (111) rocking curve widths (Figs. 4 and 5) and of the
(001) and (111) growth rates (Fig. 7) probably are related. Adsorption and desorption are
competing processes in film growth. Since bond strength is crystal orientation-dependent, the
different temperature dependences may arise from different adsorption and/or desorption rates on
the (111) and (001) faces. However, these data are insufficient to suggest a detailed mechanism.

CONCLUSION

We have demonstrated that PLA is an attractive method for growth of fully epitaxial ZnS
thin films with excellent thickness uniformity. Rocking curve profile data indicates that stacking
faults are the predominant defects present in these films; the stacking fault densities are
comparable to those found in the best films grown by MOCVD. However, the PLA-grown films
have the advantage that they are inherently carbon-free. RBS and TEM analyses show that in
films -220 nm thick, the -120 nm nearest the GaAs-ZnS interface is highly faulted, but the upper
-100 nm is much less defective. Finally, we find that on GaAs the anisotropy of the ZnS
epitaxial growth rate is temperature-dependent.

This research was sponsored by the Division of Materials Sciences, U.S. Department of
Energy under contract DE-AC05-84OR21400 with Martin Marietta Energy Systems, Inc.
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ABSTRACT

Several series of sodalite analogues of unit cell composition MSX 2(TO2) 1 2, where M is Zn or
Cd, X is a chalcogen, and T is a tetrahedral cation B, or Be in combination with Si or Ge, have
been prepared. An M 4 X tetrahedron, which is the first coordination sphere of the bulk
semiconductor MX, sits at the center of each sodalite cage. These materials have been
structurally characterized by solid state 77Se and t25Te MAS NMR and by powder X-ray
diffraction. Diffuse reflectance optical absorption spectra are reported for each series. The
borates have optical properties similar to the bulk MX whereas the beryllosilicates and
germanates exhibit large blue shifts in the absorption spectra.

INTRODUCTION

Zinc and cadmium chalcogenides are used for various electrooptic applications including
photoconductors, phosphors, optical waveguides and semiconductor devices. Epitaxial growth
of heterostructures has resulted in the fine tuning of electronic properties for specific
applications [II and this is one reason why these materials are exciting candidates for closer
examination. Another method for fine tuning semiconducting materials is by cluster size
quantization: physically limiting the size of the particles to dimensions below the exciton radius
by formation of colloidal suspensions [21 or by inclusion in porous hosts [3]. Size
quantization of cadmium chalcogenides has been widely demonstrated in the literature; the
products exhibit optical spectra which are blue-shifted from that of bulk CdS [4].

Our approach in this study is to begin with the first coordination sphere of the
semiconductor MX and build up an expanded structure of these tetrahedra within a rigid
framework. The unit cell structure of a sodalite analogue with composition MsX 2(T0 2) 12 is
shown in Figure 1, where M is Zn or Cd, X is a chalcogen and T is a tetrahedral atom bonded
to bridging oxygens to form the sodalite cage. The M4 X tetrahedron occupies the center of this
cage. By varying the cage composition, and hence the cage size, the distance between M 4X
clusters and the cage electric field can be varied.

In the borate analogues, in which all of the T atoms are boron, the cages are small enough

Figure 1. Sodalite unit cell. The central M4X tetrahedron is represented by the circles and the
tetrahedral cage atoms are located at the vertices.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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so that the MX bond distance is shorter in the sodalite than in the corresponding bulk material.
As reported previously for Zn4 S borate the Zn-S bond length is 2.260(3) A compared with 2.34
A in the bulk sphalerite-type ZnS 151. In the Zn4 S beryllosilicate and beryllogermanate, the Zn-
S distances are 2.346(2) and 2.345(3) A, respectively. Due to the larger cation size in the
beryllogermanates, the cage volume is slightly smaller than in the corresponding
beryllosilicates. Similar trends are observed with the selenides. The borate cage is too small to
accommodate the tellurium anion, however; the zinc and cadmium telluride beryllosilicates 3nd
germanates have been prepared.

Here we report the effect on the optical absorption when the central anion is varied in the
solid solution series ZnSSSez.0 (BO2)1 2, the effects of doping sulfur into the oxoborate and
oxygen into the sulfoborate, and also present the NMR and optical characterization of the zinc
selenide and telluride beryllosilicates and germanates.

EXPERIMENTAL

The sodalite analogues were prepared by solid state synthesis in sealed graphite-coated
quartz ampules. Stoichiometric mixtures of the oxides and chalcogenides were ground together,
heated under vacuum to ca. 500 'C to remove water, evacuated to 10-3 Torr and sealed. Each
ampule was placed separately inside a loosely fitting #304 stainless steel tube as a secondary
containment device in the event of ampule failure. The samples were placed in a muffle furnace
and heated to 850 0C for 12 to 24 hours. The recovered powders were stable to oxidation and
could be mixed with water and sonicated to remove any residual graphite or broken quartz.
Due to the toxic nature of the reactants, especially that of BeO, all sample manipulations wet,
carried out in a N2 flow-throuph g!,vebox fitted into a fume hood.

High resolution powder diffraction data were collected with a Scintag Pad X
diffractometer and Rietveld structural analyses were carried out as described previously 161.
12STe and 77Se Magic Angle Spinning NMR spectra were obtained at 94.7 and 57.3 MHz.
respectively, on a General Electric GN-300 spectrometer using a 7-mm MAS probe from Dory
Scientific. The spectra were acquired with 90' pulses of length 5 pis for 12STe and 8.5 is for
"77Se. Recycle delays varied from several minutes to two hours. Diffuse reflectance optical
absorption spectra were measured with a Cary-14 spectrometer upgraded by On-Line
Instrument Systems.

RESULTS

1. The Solid Solution Series ZnaSxSe 2.x(BO 2)tz. The effect of varying the central
anion was examined in the solid solution series containing S and Se. Optical absorption data
for this series are shown in Figure 2. The absorption edge shifts to a higher energy in a
systematic fashion as the amount of S relative to Se is increased. At the end points (ZnsSe2
borate and ZnsS 2 borate) the absorption edge is sharp, indicating that the cluster-cluster contact
distances are unifomi. In the solid solutions, which were shown to be single phase materials by
powder XRD, the M4 X tetrahedra are disordered, which is reflected in the broader optical
features.

2. Effects of Doping in the ZngO(,S2. (BO 2 )1 2 System. Fine tuning of the
absorption edge can be accomplished by doping small amounts of sulfur into the zinc oxoboratc
and oxygen into the sulfoborate, as shown in Figures 3A and 3B. In each of these series the
dopant level was small enough that the unit cell size was unchanged.

3. Optical and NMR Characterization of the Beryllosilicates and Germanates.
The effect of varying the cage atoms was measured by examining solid solution series of the
beryllosilicates and germanates. In Figure 4A are shown the 125Te MAS NMR spectra of
Zn 4 Te in beryllosilicate and beryllogemanate hosts. The narrow linewidths and absence of
spinning sidebands (even at spinning speeds as slow as 1.5 kHz) verify that the central anion
resides in a well-defined tetrahedral site with essentially zero chemical shift anisotropy. The
chemical shifts, measured relative to CdTe, are -466 ppm for the silicate and -491 ppm for the
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Figure 2. Optical absorption data for

the series Zn8SXSe2_x(BO2)12, where'4L-_-- .. .. a -. ' ' x = (a) 2.0, (b) 1.8, (c) 1.6, (d) 1.4,

b -(e) 1.5, (f) 1.0, and (g) 0.2.
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Figure 4A. 125Te MAS NMR spectra of (a) bulk ZnTe. (b) bulk CdTe (reference compound, 6
= 0 ppm) (c) Zn 8Te2(BeSiO 4 ), and (d) ZnKTe 2(BeGeO4)s.
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bulk ZrTe. the absorption edge is indicated by the arrow.
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Figure 5A. 7 7Se MAS NMR spectra of (a) bulk ZnSe, (b) bulk CdSe (reference compound, 8 = 0
ppm) (c) CdSSe2 (BeSiO 4)6 and (d) ZnsSe2(BO 2)12.
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Figure 5B. Optical absorption data of(a) bulk sphalerite ZnSe, (b) Zn8Se 2(BO 2 )12, and (c)
ZnmSe 2(BeSi 5Ge.504)6.
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germanate, compared with +2(X) ppm for the parent compound ZnTe. The large upfield shift in
both sodalite structures is indicative of a dramatic change in the chemical bonding properties of
the central anion. This is expected; essentially the first coordination sphere of the bulk is
isolated within the sodalite cage and charge delocalization is restricted primarily to the Zn 4Te
tetrahedra. Consistent with these results are the optical spectra, shown in Figure 4B; the large
blue shifts relative to the bulk reflect the change in electronic structure.

The analogous selenide system was examined by 77Se MAS NMR and the results are
shown in Figure 5A. As in the telluride compounds, the shifts are far upfield from those
measured in the bulk semiconductors ZnSe and CdSe. Noteworthy is the observation that the
shift difference between the Zn4 Se and Cd4Se sodalites is approximately the same as that
between bulk ZnSe and CdSe.

Also similar to the results obtained for the Te-compounds are the absorption data, shown
in Figure 5B. For the Zn8Se 2(BeSi.sGe.504)6 compound, the absorption band is dramaticafly
blue-shifted relative to bulk ZnSe. An anomaly seems to appear with the Zn 4 Se borate
material, however. From the NMR results, the Se bonding state clearly is electronically distinct
from the bulk ZnSe and yet the absorption edge is not shifted to any large degree. Thorough"washing" of the Zn 4 Se borate to remove any residual bulk ZnSe failed to change significantly
the optical absorption 171. The forced proximity of the Zn 4Se tetrahedra in the borate apparently
results in absorption bands close to that of the bulk, despite the fact that the nature of the
electronic transitions are very different in the two materials.

DISCUSSION
It has been shown that the optical properties of zinc chalcogenides can be varied by

inclusion into the sodalite framework. In the borates, in which the M-X distance is shorter in
the sodalite than in the corresponding bulk, the optical properties depend on the constitution of
the central tetrahedra. Sharp band edges are observed for end members in a solid solution series
and these features broaden slightly as the anion is mixed for single phase materials.

In the beryllosilicates and beryllogermanates, the cage effects dominate the optical spectra.
The M-X distances in these materials are comparable to those in the bulk and the tetrahedra are
well separated from each other. The exact nature of the optical absorption band in these
materials has not yet been assigned; further characterization is in progress.

ACKNOWLEDGEMENTS

Funding for this project was provided by the Division of Materials Research of the National
Science Foundation, The NSF Center for Quantized Electronic Structures Science and
Technology (QUEST) at UCSB. and the Office of Naval Research.

REFERENCES

1. A. Henglein, Top. Curr. Chem. 143, 113 (1988).
2. A. P. Alivisatos, A. L. Harris, N. J. Levinos, M. L. Steigerwald. L. E. Brus. J. Chem.
Phys. 89, 4001 (1988).
3. G. D. Stucky and J. E. MacDougall, Science, 247, 669 (1990).
4. Y. Wang, N. Herron, W. Mahler, A. Suna. J. Opt. Soc. Am. B. 4, 8(18 (1989).
5. K. L. Moran, W. T. A. Harrison, T. E. Gier, J. E. MacDougall. G. D. Stucky, Mat. Res.
Soc. Syrmp. Proc. 164, 123 11990).
6. T. E. Gier, W. T. A. Harrison, G. D. Stucky. Angew. Chem, 103, 1191 (1991).
7. From a private communication with Thomas F. Mallouk. The socdalite material is washed
for 12 to 24 hours in an atqueous Br 2 solution which has been adjusted to a pHI of 6 with hleach.
This solution effectively dissolves bulk II-VI compounds.



255

EXCIMER LASER MELTING OF MBE-ZnSe

NALLAN C. PADMAPANI*, G.-J. Yi*, G.F. NEUMARK*, Z. LU**, C.C. CHANG***, MC.
TAMARGO***

*Henry Krumb School of Mines, Columbia University, New York, NY, 10027.
"**Electrical Engineering Department, Columbia University, New York, NY, 10027.
***Bellcore, Redbank, NJ.

ABSTRACT

It has generally been concluded that good doping in wide-gap semiconductors is best
accomplished by non-equilibrium means. Excimer lasers, because of their high intensity and
short pulses, are ideal for this. Our earlier laser annealing work on bulk ZnSe resulted in
complications due to increased twinning of the sample. Our present work shows that twinning
can be eliminated by the use of originally untwinned MBE material. The MBE samples had the
additional advantage, over bulk, of a far smoother surface, which simplified the investigation of
melting and evaporation. Use oif power levels of 10, 20, and 35 MW/cm 2 showed no melting at
10 MW/cm-2 . melting and no detectable evaporation at 20 MW/cm 2, and evaporation at 35
MW/cm 2. Combined ion beam cratering and SEM examination showed a depth of the melted
layer, at 20 MW/cm 2, of - 0.5 pm. Moreover, AES analysis showed minimal decomposition of
the 20 MW/cm 2 sample.

1. INTRODUCTION

Wide band gap materials such as ZnSe are of high interest for applications in visible light
emitting devices such as diode lasers and display panels. Obtaining bipolar conductivity in such
materials has however been a pervasive problem: for ZnSe, the problem has been to obtain
adequate p-type conductivity. For years, reports of high conductivity could not be reproduced
(see e.g. ref. l). This problem has been alleviated recently, with carrier concentrations of
3*10' 7/cm1, first reported by Park et al,121, now having been obtained by a number of other
groups (e.g. rel.3). Nevertheless, even higher concentrations would be desirable.

Based on an analysis showing low dopant solubilities in wide-gap materials 141, one of us has
suggested that non-equilibrium dopant incorporation is required. One approach to this is
incorporation via excimer laser melting. This is known to give dopant concentrations above the
solubility limit in the case of elemental and IllI-V compound semiconductors, by increasing the
substitutional dopant concentrations and activating the dopant atoms that had been incorporated
via other nonequilibrium processes like ion-implantation, MBE etc.15l. In our prior work 161, we
attempted to redistribute the dopant (Na) from the interstitial (donor) site to the substitutional
(acceptor) site by using such excimer lasers. This work was carried out on bulk ZnSe, and
although it showed sonic encouraging results, all samples showed appreciably heavier twinning
after the laser treatment than before it. Such twinning, based on an analysis of literature by one
of us Il, is not satisfactory for either good doping or good device performance. However. all
bulk material in that work showed sonic initial twinning, and in view of the potential benefits of
excimer laser processing, we felt that the method should be tried on initially untwinned material.
to check whether this would result in good (untwinned) material subsequent to melting. The
present work examines this point,

In addition to examining the question of twinning on originally untwinned material (the
present samples were grown by MBE - see ref. 7), investigations were carried out to determine
that the samples did melt, that there was minimal evaporation, and that there was minimal

Mat. Res. Soc. Symp. Proc. Vol. 242. - 1992 Materials Research Society



256

surface decomposition (i.e. preferential evaporation of one constituent). In our prior work [61,
we did investigate these points. However, although we did obtain good circumstantial evidence
on melting and on absence of decomposition, we did not obtain detinitive evidence. We thus felt
that obtaining further corroborative evidence, on the present better MBE samples, was
warranted.

2. EXPERIMENTAL

The samples used were MBE grown, undoped ZnSe on GaAs with a (100) orientation. The
ZnSe epilayer was 3 prm thick with a mirror smooth surface and good luminescence
characteristics. A Lambda Physik EMG 102 MSC excimer laser was used to anneal the samples.
The wavelength of the coherent radiation was 308 nm and the pulse duration was -20 ns. The
samples were cleaned with methanol before annealing (the first sample to be annealed was not
cleaned, but showed poor results. See section 3). All the samples were mounted on a graphite
block and annealed in air (we do not expect any atmospheric contamination during the ultra
short laser pulse anneal). The laser spot was focussed by a UV lens to the desired spot size,
which was usually in the range of a few square mm. Based on our earlier results on bulk
ZnSe[6], we used single laser pulses with intensities in the range of 10-40 MW/cm2

.
An optical Nomarski microscope and a JOEL scanning electron microscope (SEM) were used

to observe the surface morphology and to check on possible twinning features on the surface of
the sample. A Perkin Elmer 660 Scanning Auger Microscope was also used, which enabled us to
obtain both SEM and Auger electron spectroscopy (AES) data. This also had an ion beam
attachment, which could mill a crater on the samples. This enabled us to study the near surface
layers of the samples by both SEM and Auger spectroscopy. Photoluminescence (PL)
measurements were made with a He-Cd laser to observe the changes in luminescence due to
laser annealing . For this, the annealed samples were lightly etched with a Br-methanol solution
to obtain luminescence data from the sub-surface regions in the annealed region. The etch time
was adjusted to remove about 0. l1pm. An Alpha-step profilometer, with a depth sensitivity of a
few nanometers,was used to measure the surface profile.

3. RESULTS

An important aim of the present work was to investigate the questions of melting.
decomposition and evaporation of the samples. There were several reasons for this, given the
fact that we had already investigated this for bulk samples. One was, as we mentioned above,
that we desired additional corroborative evidence. In addition, the smoother surface of the
present samples enabled us to obtain more reliable results, particularly as regards evaporation
and melting. These aspects were investigated by the profilometer, SEM and Auger scans.

The laser annealing was carried out at three power levels viz., 10, 20 and 35 MW/cm2 . The
10 MW/cm 2 sample showed no evidence of melting. The profilometer scan was very smooth and
showed no detectable change in the profile. Similarly, no change in the surface morphology was
seen in the SEM. Also, a crater dug into the surface showed no evidence of melting (see results
for 20 MW/cm 2 for comparison). In the case of the sample annealed at 20 MW/cm 2. the
profilometer scan (Fig. I) shows a spike at the annealed - unannealed boundary and then the
surface is wavy in the annealed zone. The annealed area appears visually dark with a clear
boundary between annealed and unannealed regions. Fig.2 shows an SEM picture of a crater
milled at the annealed- nonannealed boundary. The dark ellipse on the left is the exposed GaAs
substrate at the bottom of the crater. Three layers can be distinguished in the annealed ZnSe: the
bottom layer of undisturbed ZnSe, a second grey layer and a top dark layer. The top dark layer
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FIG. 1. Profilometer scan 4f a sample annealed at 20
MW/cm 2 . The region to the left of the spike is unannealed
and to its right is annealed.

was found to contain carbon, which could have come on to the surface from the graphite sample
holder used during our annealing experiments and then diffused into the ZnSe during laser
anneal. This layer is about 0. I gim thick. The composition of the second grey layer was analyzed
by AES but no impurity could be detected at a concentration within the sensitivity of the AES.
The thickness of this layer is about 0.5 jpm. This layered structure was not present in the
unannealed region of the sample. In addition, Auger surface scans were taken on the annealed
and unannealed regions of the sample. The relative intensities of the Zn and Se peaks remained
the same before and after the laser annealing. The sample annealed at 35 MW/cm2 showed
evidence of evaporation in the profilometer scans. The surface was visibly degraded with

unannealed ,--/-, annealed

,,1

FIG. 2. A IOOOX magnification SEM picture of a sample annealed

at 20 MW/cm 2 . This shows a crater at the unannealed-annealed
boundary. The layered structure (see text for details) is visible in
the annealed region while it is absent in the unannealed region.
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extensive surface ripples and other features. So, no further work was done at and beyond this

power level. It is also worth noting that the first sample, which was annealed at 20 MW/cm 2

without cleaning, showed some regions having a parallel line structure, where such lines give a

strong indication of twinning (Some particles, presumably dust, were observed on this sample

under the SEM; the twinning on this sample could have resulted from stresses caused by the

interaction of these dust particles with the laser radiation).
Photoluminescence measurements were taken in the annealed region before etching, and in

the unannealed regions before and after etching the sample to a depth of - 0. l tm (this should

remove the top dark layer contaminated with carbon and expose the underlying grey layer). The

PL spectra of the unannealed sample shows strong bound exciton lines (Fig.3). The PL intensity
decreased drastically in the annealed region, so much so that we could not see any exciton

luminescence. But after etching, the annealed region regained a part of its exciton luminescence
(Fig.4). We also see an additional peak at -2.3eV (indicated by the arrow in Fig.4).
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FIG. 3. PL spectrum of an at-grown MBE-ZnSe sample at 9 "K showing strong exciton
luminescence.
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FIG. 4. PL spectrum of the annealed region of a sample annealed at 20 MW/cm 2 after a
Br-methanol etch to a depth of 0.1 pJm. Note the new peak at -2.3.V (shown by the

arrow). Also, note that the PL intensity was appreciably lower than prior to annealing;
the indicated intensity is higher because a wider slit was used.
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4. DISCUSSION

The spike at the boundary of the annealed region and the wavy nature of the surface profile
(Fig. I) in the annealed region show that the material has melted and flowed. This has also been
observed in the laser melting of silicon [8]. The occurrence of the layered structure only in the
annealed region (Fig.2) proves that the layers were formed by the laser annealing. Based on the
above profilometer and SEM results (Figs. I& 2), there can be no doubt that there was melting of
the 20 MW/cm 2 sample. Moreover, based on the profilometer data (Fig. 1) it is also apparent that
this sample showed either no evaporation or, at most, very minimal evaporation. Regarding
decomposition, the fact that the Auger scans showed comparable Zn and Se intensities before
and after annealing gives a strong indication of minimal decomposition. It is more difficult to
conclude that there is no decomposition, since it some Se (or Zn) were to evaporate, leaving
some clumps or balls of Zn (or Se) on the surface, these may not give a strong enough Auger
signal to significantly affect the Zn (or Se) peak; however, major decomposition seems unlikely.
Moreover, if Zn vacancies were formed, they would be expected to form the well known A
center 191, a complex with donors, showing a PL peak at about 2.0eV. This peak was not found
in the PL spectra. Even the peak at 2.783eV, which some authors 10,111 have claimed to be
formed by Zn vacancies, was not observed in the PL spectra.

In addition to the question of melting, it is also important to determine the depth of the
melted layer; it is for instance of interest to see whether the melt depth is adequate to obtain
devices such as diode lasers or LEDs. From our cratering work, we have concluded that there is
a top layer, with appreciable carbon, of about 0.1 pam and a layer, showing SEM contrast, of
about 0.5pm, below that. Since we did not see much carbon on the surface of the as-grown
samples, we assume that the top layer resulted from carbon contamination due to some of the
laser beam hitting the graphite holder (we are now modifying this part of our set-up). At this
time we do not know the cause of the contrast of the lower grey layer, since Auger spectroscopy
did not pick up any impurities within its sensitivity range. However it is known that relatively
small changes in impurity concentrations can change the contrast in semiconductors 1121. That
there is such a change is corroborated by the PL data, which shows a new peak at - 2.3 eV, in
the annealed region. after etching (it is known that Cu introduces a peak in this range (91). We
therefore feel that we have good indication of a melted layer of -0.5 pmr. thickness. We are
conducting further experiments to determine whether the grey layer boundary of Fig. 2. is indeed
the melt boundary.

A further important aim of the present work was to investigate the occurrence of twinning
after annealing. Based on our SEM and optical microscopy examinations, we saw no evidence of
twinning on the cleaned samples. The fact that we did obtain a strong indication of twinning on
one sample which was not cleaned, gives us confidence that we would have seen it on the
cleaned material if it were there.

5. CONCLUSIONS

In conclusion, we have shown that we can obtain melting, with an adequate layer depth, without
capping, with minimal (if any) evaporation and decomposition, of MBE- ZnSe. Moreover, we
have also demonstrated laser melting without twinning, on originally untwioned material. The
next step will be to attempt improved doping by such laser processing.
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ABSTRACT

Organometallic vapor phase epitaxial (OMVPE) growth of ZnSe on GaAs was carried out
using dimethylzinc (DMZn) and dimethylselenium (DMSe) as source precursors. The growth
of ZnSe can be initiated either by introducing DMZn first (Zn stabilized) or DMSe first (Se

stabilized).

A systematic study of this growth initiation step on the properties of ZnSe epilayers was

carried out using Photoluminescence (PL) and Double Crystal X-Ray Diffraction (DCD) in

order to optimize the ZnSe-GaAs interface. PL and DCD data show a considerable difference in
lattice relaxation mechanism between Zn and Se stabilized layers. Se stabilized layers are also

seen to be considerably tilted with respect to the substrate. PL properties of Se stabilized layers
exhibit strong near band edge emission (NBE) and weak deep level emission such as Yo.

compared to layers grown by Zn stabilization.

INTRODUCTION

ZnSe is a promising material for blue light emitting diodes, lasers and for other

optoelectronic applications. Growth of ZnSe on GaAs by MBE I11, OMVPE [21, and ALE 131,
has attracted the most attention because of the close lattice match between the two materials.

Unlike III-V systems where growth is always started by first introducing column V
precursors and then column III precursors, the growth of ZnSe can be initiated by introduction

of either the column II or column VI precursor. These two growth initiation steps are expected

to result in different layer properties, as seen in other Il-VI systems [41. In this work, a

systematic study of such initial stabilization of the GaAs substrate on the ZnSe layer propernies

was carried out.

EXPERIMENTAL

The growth of ZnSe was carried out in a low pressure horizontal OMVPE reactor with rf
heating. Growth temperatures were in the range 450WC to 5250C and the reactor pressure was

30(0 torr. The layers were grown on (100) GaAs substrates misoriented 20 towards I110J.

DMZn and DMSe were used as the source material, These substrates were degreased using

standard solvents and etched in a solution of 1120:11202:11 2SO 4 (1:1:5) by volume and dipped

in NH 4 OIt to remove any oxide just hbfore loading into the reactor. Typical partial pressure of

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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DMZn was 2.0 xl0.4 atm, while that of DMSe was 3.0 x10-4 atm. The total gas flow through

the reactor was maintained at 2000 sccm.

Growth was initiated by first introducing DMZn (Zn stabilized) or DMSe (Se stabilized) for

120 seconds, immediately after which the second precursor was introduced to start the growth.

The partial pressures used in the growth of ZnSe were the same for stabilization effects. Initial

stabilization was carried out for 120 seconds rather than a few seconds generally encountered

in a typical reactor in order obtain consistent results.

The PL system consisted of 300mW Argon laser, 3/4m grating spectrometer and a

photomultiplier tube with a thermoelectric cooled GaAs photocathode. PL spectra was recorded

at 90K excited by 10mW laser intensity. The X-Ray measurements were made as described in

151.

RESULTS AND DISCUSSION

The lattice mismatch between ZnSe and GaAs is about 0.3% and this lattice mismatch is

accommodated by a compressive strain in the epilayer for thicknesses less than the critical

thickness hc (-1500 Ao) (61. As the thickness of the epilayer starts to exceed the critical

thickness 171, misfit dislocations are rapidly generated reducing the compressive strain in the

ZnSe epilayer. Beyond the critical thickness, the epilayer relaxes and the compressive strain

due to lattice mismatch decreases, eventually becoming negligible and the Jk,,;inant residual

strain in the ZnSe epilayer, when cooled to room temperature, is tensile due to the differences

in the thermal expansion coefficient for ZnSe and GaAs.

DCD and PL were used to determine the strain and out of plane lattice constant at of the

epilayers as a function of thickness. X-Ray diffraction is a well established technique to

"measure "q in ZnSe [81. Similarly PL measurements have been studied in many hetroepitaxial

systems including ZnSe - GaAs 191. The free and bound exciton peak position is a function of

strain in the layer.We have used the shift in energy for the heavy hole (EL) as this is stronger

and clearly identifiable to measure strain in the layers. From this shift, the in plane strain (e 11)
was measured by using the following equation 19,101:

-\ExL= [ 2a(Ctt - Ct2)/CII + b(Cli + 2C12t /CI Jell

The values used for hydrostatic deformation potential (a) and shear deformation potential (b)

are : -a=5.4eV. -b=1.2eV 111 respectively while values used for the elastic stiffness constants

were CE1t= 8.1 x 1011 dyn/cm 2 and Ct2= 4.88 x 10t dyn/cm 2. Figure I shows the change in

EL position for ZnSe grown on Zn-stabilized and Se stabilized GaAs substrates. Also shoisn

in the figure is the in plane lattice strain in the layer, calculated using the above formula. As can

be seen, the residual strain in the two types of layers is found to be different, even though for

layers of thickness greater than h., both types of layers are expected to be relaxed at the growth

temperature and the only strain observed should ie duc to difference in thermal expansion

coefficients.
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To confirm the above observation, we have measured the perpendicular lattice constant a.t

of the layers using DCD, and these ( along with the PL ) results are plotted in figure 2. Here, it

is seen, that for layers grown under Zn stabilized conditions, ZnSe is completely relaxed at the

growth temperature beyond 0.5pm. For the Se-stabilized case, the layers are still under

compression at growth temperature. Clearly, the lattice relaxation mechanism of layers grown

on Zn-stabilized substrates is different from those grown on Se-stabilized substrates.

The full width half maximum (FWHM) value of the x-ray diffraction peak is shown in

figure 3 as a function of layer thickness. For layers <l.21pm the FWHM for both Zn and Se

stabilized layers are similar. For layers >1.2pm, Zn stabilized layers are seen to have a lower

FWHM. ZnSe layers grown with Se stabilization were seen to be tilted with respect to the

substrate (figure 4 ) with a tilt of 440 arc-sec (0.120) in the <110> direction for a 3.54tm thick

layer. The tilt observed on Zn-stabilized layers is within the experimental accuracy of

measurement and for all practical purposes these layers are not tilted with respect to the

substrate. Earlier reports of ZnSe on GaAs indicated no tilt of the epilayer [ 12]. Moreover, the

tilt of the layer is a function of the layer thickness and hence this is reflected in a higher FWHM

for layers grown on Se stabilized surface.

As seen from figure 2, Zn and Se stabilized layers relax differently. Se-stabilized layers are

seen to relax much slower. This difference in relaxation rates of Zn and Se stabilized layers is

further supported by the difference in tilting of the epilayers for the two cases.

PL from Zn and Se stabilized layers is also considerably different as shown in figure 5.

Similar PL was obtained for sample thickness from 0.5 to 3.21in. Se stabilized layers exhibit

strong near band edge (NBE) emission, very weak Yo emission, and no Iov emission. The Yo

peak was attributed to dislocations and a strong Y. emission reflects a higher optically active

dislocation density [13]. The lov peak has also been found to exist in layers with high

dislocation densities [ 14]. These results are consistent with an earlier report of improved PL

from tilted ZnSe layers [15]. Differences in growth rates were also observed for Zn and Se

stabilized cases, and Se stabilized surfaces exhibited superior morphology. From the above

results, it is clear that Zn stabilized layers have a higher dislocation density which shows up as

an intense Yo peak.

When DMZn is passed over GaAs at 5250C, a surface reaction takes place, probably

forming Zn 3 As 2 which is volatile leaving atomic gallium on the surface. This may be the

source of dislocations on Zn-stabilized layers and the layer relaxes rapidly by forming a high

density of dislocations. When DMSe is passed over GaAs, no surface reaction may take place

because DMSe is very stable. However, we cannot rule out the possibility of Ga 2 Se3

formation. In fact this interfacial layer is found to be important in obtaining high quality ZnSe

layers [16), with good interfacial properties. We believe growth with Se-stabilization results in

defect free interface for thin layers and lattice relaxation takes place by glide of 600 dislocations

from the surface. This mechanism generally results in tilt of the layer with respect to the

substrate.
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CONCLUSION

The effect of initial growth stabilization on the ZnSe layer properties is studied. It %%.s

fou~nd that layers grown on Se stabilized surfaces relax much slower compared to those growAn

on Zn-stabilized surface. For thickness > 0.5pm. the Zn-stabilized layers are completely

relaxed at the growth temperature whereas this is not the case for even 3ptm thick Se-stabilized
layrers. A large network of dislocations generated from the interface could be respotsible for

this relaxation in Zn-stabilized case. The optical proper-ties of the layers growAn by Scý-

stabilization is superior to the Zn-Stabilized case.
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OPTICAL TRANSITIONS ON' CdS/CdITc CYD LIETERosTRUCTUR ES

Claude Boeniarean \1tiN H Nazaire

Deipartai~inrito die Fisica. TU aivc ida (sit,~le AvSeiro, 3800) Aveiroi. PO()RT'UGCAL.

A13IST H ACT

WideI-'-I aild gap II-V\I sui'liicoildi c tars haive dlirect lanclgaps which cover h ill('rviflY

nt hge fromii the redl to the( ii -v. This niakes such comnpoiunds ideal for (,nt atlect roi iii

al)1)iicatiohis. (AS hlas at hand gap of 2.42 eV will leoiecils pot entit ily useful for tilt(

vgreen region (if tilt pect ruml. However(,t hecausem CdS hais af preference to adoipt thet

Jiexagotial wiartzin', struicture., epit axial growth of hil seuiicoliauctoar is ciiiiplieateI d,

~ t ielss uccstt i gaiv iilii(IS hitv-rs aito a dtTe is, jassihle. We re-port llltailled

pIiittaltiiiiS(,ý~I('it s1titly of (AS /CdTf- heterostruetutres gi wn hY lvCV 0. Thc C'(15

hayers have high qunality hexatgolad strticttile.1 Lumlnyescexicet lile's are( 1tiar0r 1011ý1

anid we could detect at splitting ocurritig onl The excited state of at ut-ut ml a cccpoir

bound excittia. at 2.5462cV.

INTR ODUCTION

Thea faict that \Vili-b~tii(Ii gitu II -VI seillicondutliliirs have duvtct I 'iilap liii1

lover tie visible ranlge mnakes, sivli cllinijotitil potetitially mtahtlc fol( 1i opttoni

aipplicat ions like4 light emiit ting devices operalting Ill tile( iilti - rei' Ii giola of tI

spict rum. The 1 it-st e-xampille is ZiiSe' Nvliich l ilillinesces vi-vefl- it-n(wtlv Ill~ II( I)II,

I hlis miaterial tlso 11;Is all almost perfect lattice nin-th toi GaAs amid high ipialit

str~tiited layeirs coldll 1wii grolwnil I) lif-if-ict moethodis. ilThrtfort-. ti uhe ' nli] lm thlopot ii

of liietcrstrtxctilirs and1( of stijirlaittic(5 tisi baw iio ZiiSi- havcben li-i iutisivi-lv st titijil

ftor lif- last 6-T vials, As it resulIt a it- b ti- I l f ;I S i eit St ' I Z IISt lCi rIt UII1-,I ITl I" til iIll hultc L.

Cd Ims ;it bandlii gap iof 2.42(-V and biecomeis potclitniilv tietl himz told iii-c l-l i-ii

otf tlt-i spectrilii. Hliwivil, beci'itt~ CAS hais ; I prfervii-ci Ill adot p1tih IICX;UtclIIll

si ict-sfiil grotwthi if Cd 5 
ilayers lonto 11 )A G;aAs byv NIOCA''t ýI' iiiL~ lilt, 0lii bv

Mal. Res. Soc. Symp. Proc. Vot 242. 1992 Materiais Resarach Society
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this paper we report the results of a detailed photoltimiwinscerit.ý . performiod on

CdS/CdTe heterostructures grown by CVD.

2.560 2.555 2.550 2.54.5 2.54.0 2.535 2.530
ENERGY (eV)

Figure 1: PL spectra of CdS epilayei-s of va4rious thickw-ses grown ont 11de substrao-tt.. r-tdet

at 1K, 'Vertical lito- indicate. frotm Itft to right , thte 1it~itois of A. 11 11': .13 / 13 1-, 1 n I

EXPERIMENTAL DETAILS

Single-crvstallitre UdS epilayers were grotwn on ;in 0(11] ) otiiinttel CdTv ,.iht at

by C'N'D ( Chemical Vapour Depotsition)I The titilityir. thlickne-~ ranged fiom I pain up

to 48 p ni. The growthI rate was 2.2jpiil -' at 11 sub st rate tetmpllerattutre tif 475 C an a

source teniperattirre of 800 C. The layers were grown oai a Cd fate-itindier an hyd rotoM

flux of 181 1i- iti a tquartz reactor. The coiipositioni of the stubstrate face. i.e- Tc oi (I.

w;Ls determniied by cheiviicttl at tatck tisit g a solutiton 1:1:1 of hydlrofluoic nt aciL tImir ic

avidl and met haniol. Prior to growth the suibstrate face was polished meciimintiitd 111fint

it wvas a miriror-like antI clieinivalY etched tisiiig attiiet r int-haot otlutit on. The. ntrfac,

tif the grown CtIS etilttyer was alsto inirror-hike, and goodi nv~tys qul iaity V vacottitntuith

by X -ray inestiretuent.s.

Ltmiiieiscente was cxtitec' ising ft(li 457 nin lIn.,- frttm an .-r ion laser . andl %va

cidllcoed at right aongles it, the axis of excitat ion . Nhttstilrenieuits were mathe tisi1Lr
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S P EX 1701 diisp~ersive' iioiiocliroioat or. fitted with at 1)11 t oiluaiit ip ljer tinbc - III all

case the sample wats mlounlt ed withI the growth axis parallel to ti( eI xci tation axii Xs.

RESULTS and DISCUSSION

The( valence and conduoct ion baiids for wtirtzite semiionducntors hiave 1 oth maximia

and minimia at thle ceniter of the Brillotiin zone, and thie associatedi Blochi func~t ions

have I alike anld s-like orbit al character. respec'tively. Tit( top) thlree' vadence hands, air

split. by tilt colliibiiled effect (if both 51)itl-orblit intera-ctioni andl thll ac'ttio (If at liototibi'

l'rvst a field pertutrb t ioun~into a F'9 aind t wo F-, states. The sepa ratio ns he tioweeti t l

top state, Pt), an,, t Ita' two r-, ctt(5(an he found1( frItin thll Hamiltonian tmatrix. This

niat rix call be set 111p using the j)-ftllet ionls to 1'III rel'lret thle vali ('1'~ 1)0 il state('5 ama I

hias tlie( same form as thle energy mnatrix for thle ziil('ilelid valiti 'e ba11(1 staite, iimle ;I

(1 11) miijaxial straiii [4.51. '[,Ia'eilrgies (If tIll' twol lax' INilg 177 state's areI' IC1'hlii'lN

III con(tjunlctionl with 1 lie conduti(' on band ealch valence' al~tld give's risc to a serie's

(If eXcitoil states, labeled A. B, C by increasinig order (If einergy. A, B and C excitom,

(ll', aIll se('mi polairized with the electric vl'ltlor of lie( light Iperll(illli('llir to1 the axis (If

4r(wthi. (c aXis,) bult ((1(15 B mid(C ( I(-itoliis artseen'll for parllel(l 1 1((11titat ion I71

Phi( t((luliiiill's(l'il'l spec(tra fro(m ((iS layers with (i Thickness ((12 p slaminll (`2N 1

-1 j(( ;miill( G'IN) aitid 48 p ýslinplel '4-SN) aIrI shiown inl tiitrl' 1. Inl figun' 21 till

Ill all spect'tra wI'eti ca ll idetify' till re"l'l''iiillat illl (If frevelxcjtolmis A. ilS, we'll as.
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a) b

50K

4 K 40K

30 K

15K 15K
22 K
27 K
30K
4.0 K 4. K,

2.560 2.544 2.528 2.560 2.548 2.538

ENERGY (eV) ENERGY (eV)

Figure 2: i'titIiii.......•..'. Ira Ir fOi >niitla pl-. ý ) ( "2 and I h) C IN a
t 

'a,-ii tllp|ri.1tinll. -

that the thickness of outr samples is well aluovc the critical thickne-.

We co(1ld also observe Ifigure 3) thi states I1 Itild 11 ' arising frotm thi ,i neutral

acceptor state andil an (excitoli formed from a hole inl the second vahitnie band Thi e

splitting of 1.5 niwV arising from the exchimge interaction btteh o .. .
hole,s 81.

The A exciton is split b)y jj coupling into Fr, alln F,, states. Altotlh tra:isitioi-

friom the I-; state into the funllaInenital state are fotrbidde'n they have hveli 1,lrtteil tI)

iti-tir (tthe AFG line ini reference j71). The transition is paerhaps niade allowed trti'jik

mixture with the exciton state originated froln the F- valence hamnd. This transition

could be detected in some of our samples (figure 3).

A further splitting was also detected for the(- I line 161 iderntfi'dt as an vxctirll

recombination at a tietutral acceptor (figure 4). The two lines I, and 1". at 2.-464 ,V

and it 2.5468cV ate separated li) l anl',rgy tif .41meV an(l thtrla/li t jfiLIort -

accordiing to it Bolt]zliin distrinhitit n law.

If. -/I .,ir( \E/KT) i2

titt ils , t hat t he split tin g may thi il11 tosiltl'hlh intcraction. luort'' deairl. Wo
fl.e.ds to be done. befo~rc disclissing; this ;Issigrnvnl•'t ill ilore (1'rail.
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F'igure 3: High feII[)rattire (15K pIofh ri((.4rI a
1

(UIi ( Ipm t ,P lank v V S , rn,r al

a) b)
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-1.5
30 K-

16K .50.7

8 K
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Fi.gu~re 4: la) I hi,- I', an P. Im, , r, ( , huh in, I'L auul ruu dife - o, , .... ý u1u1 ,gat ohn, .t th

ii~i hl v rini and I,, ' I (, I.uiu, .. it " Al", 11'..' i fii t eduvil oIn " li,,' uin . j,,i~
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CON CL US 10NS

hIII this pae Nvc haive Shoi V'l tHiat gl ool crystali quiaiity. Cd S lcal be g rown oito CIIM'

Ill ) fact, by CVD. The qutality is dlemionstralted byv till 1 )hotohlliimilcs~cnv oiltiileli

front thle samiples.

We have also detected a previously unt repoIrted zero field spl itt in g of ui accepto

b)oundi excitoti tranisitioni and ulscrjiloi it to fl coupling. Further work is undler wayx to

cilarify t his point.t
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VAPOR-PHASE GROWTH OF EPITAXIAL AND BULK ZnSe

W.L. AHLGREN, S. SEN, S.M. JOHNSON, W.H. KONKEL, J.A. VIGIL, AND R.P. RUTH
Santa Barbara Research Center, 75 Coromar Drive, Goleta, CA 93117

ABSTRACT

Epitaxial and bulk ZnSe of good structural perfection have been grown ho
vapor-phase techniques. Epitaxial undoped ZnSe layers were grown by metal-
organic chemical vapor deposition (MOCVD) on GaAs (1001 substrates in a hori-
zontal-flow quartz reactor chamber. Conventional pyrolytic growth at 4501
was used, with diethyl zinc (DEZnd and diethyl selenium (DESe) o•aotants
transported in hydrogen carrier gas.

Layers with smooth surface morphology and very good crystal structune_
were obtained, with no evidence of gas-phase pre-reaction. Sharp electr-n
channeling patterns produced in the scanning electron microscope (SEM) indi-
cated that (1001-oriented ZnSe layers were grown on 11001 GaAs su _ rfaces,
expected. X-ray rocking-curve analysis with a silicon four-crystal tonc-onrr=-
ator gave full-width at half-maximum (FWHM) line widths of 165 tc 190 arc-sec
for layers 2.5 to 3.0 pm thick, better than values for MOCVL-grown ZnSe/SaAc
reported to date in the literature known to us. Cathodoluminescence (CL)
imaging in the SEM showed significant defect substructure in the layer,, ýr-
bably due to lattice-misfit dislocations in the interface region. Brian- on ý

CL emission from the layers was observed in the SEM at both 77K and -e-'s
perature, indicating the dominance of radiative recombination in *.he t,-_-..

Bulk ZnSe crystals were grown using a physical vapor transp:rt t'chnique.
The crystals, a few millimeters on a side, had fully developed ciystaf
predominantly (1101-oriented. X-ray rocking-curve analysis cave FWH.M >,

of about 19 arc-sec, indicating excellent structural perfecrion_

INTRODUCTION

ZnSe is a material of interest for the production e)t biu-errtt r: ,
diodes, provided p-type material of high conductivity can te pr~pi
recent years, substantial progress has been made toward 3c I h, ir..
standing problem. P-type doping has now been achieved by ME-'E, M!MF, -i
MOCVG techniques (for MOCVD see Yasuda, Mitsuishi, and4 Kukim'-t n ! an i l7
et al. [2]). Low-temperature epitaxial growth (around 3501C) appe..... t....
important. Low growth temperature should (1) mitimize point defA --T I-m'i :
during growth: (2) aid dopant incorporation during growth; ani (i)
formation of misfit dislocations during cool-down, due to differei n
thermal expansioi. coefficient between substrate and epitaxial -ayer:-.

assisted growth may also be important to achieve high dopinge
growth temperature.

Choice of substrate for epitaxy is important. GaAs is atti-7 v, . i-.
of its highly developed technology, ready availability, and ,i;o iýti
match to ZnSe. Nevertheless, there are potential problemr with GaAs ,•ý
strate for ZnSe pitaxy: (1) Oa and AS from the substrate a ittLl;ý- ,
vapnr-t rans, rt -d iit' , tihe Ih -V I epitaxial layer, unfavorably V f e,'! .' -

electrical properties. (2) Exart lattice-matchinq of the I!-%,!
layer to the lsaA:c substrat' at the growth temperature,

principle using ZISSe allovs, may b diffi cult init ially, whon :" -VI '11,
composirion anvd uniformity ate not well controlled. Lat t ic',-mi7., t " .1,
lead to the formation of de'ects• in the epitasial lay,'rs that ill
affect the elect rical propet ie's anI the long-term stabil ity ,1 y ,I , . -
duced usirng the material . (3) The latt ice paramretrc of the Il-V I 'X i.
layer :an bh. exact ly matched to that of GaAs at only -One t nipj-t i;, -. ,
the Iwo matirri,:Is hav- oliff'crenl thermal expansion c--fIicit ! : . Fwo!
layer is pet fct ly matothe o to t h,. ;c,&lt rate at t he at rwth ort - ,,, . :

dr'fI ct os rtry i,(- .:,r:rt, I i -t , [',yr when it ifcc c- 1•rid 7,

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Because of these problems, it is desirable to also have available high-quality
ZnSe substrates as an alternative to GaAs.

In this paper we report initial experiments in the growth of both epitax-
ial and bulk ZnSe by vapor phase techniques. The objective of this prelimi-
nary work was to establish a baseline for epitaxial growth of ZnSe on GaAs and
for bulk growth of ZnSe.

EPITAXIAL GROWTH OF ZnSe ON GaAs

ZnSe epitaxial layers of good surface morphology and crystal lattice per-
fection were grown by conventional pyrolytic MOCVD on GaAs substrates. The
growth conditions and characteristics of the epitaxial layers are discussed in
this section. The results provide a baseline upon which future improvements
will be made.

lOV rowth Conditions

A horizontal quartz reactor with a tilted graphite susceptor heated from
below by a focused quartz-halogen lamp was used. The reactor configuration is
shown in Figure 1. Alkyl reactants were chosen for both the zinc and the
selenium sources to avoid the gas phase pre-reaction associated with the use
of hydrogen selenide. The reactants used were diethyl zinc (DEmn) ano diethvy
selenium (DESe). This particular combination ot reactants has been previously
used by Mitsuhashi, Mitsuishi, and Kukimoto [3] A similar system, dimethyl
zinc (DMZn) and DESe, has been used by a number of groups, including
Mitsuhashi et al.[4] and Giapis et al. [5].

Prior to growth, the GaAs {1001 or [1001 2' to (110) substrates were
etched in 15:1:1 H2 SO 4 :H 2 0 2 :H2 0 solution at 20 to 30'C for 20 seconds, rinsed
in DI water and dried with N2 , and then baked in-situ in the reactor, in
flowing hydrogen, at 600VC for 15 minutes. The substrate temperature during
growth was 4500C. The reactor pressure was 304 Torr (0.4 atm). In the major-
ity of the experiments, the total gas flow was 1.29 x 10-1 mAl min-1 and the
reactant flows were 1.81 x 10-5 mol min-' (DEZn) and 7.27 x 10-5 mol min-1.
Thus, the total reactant mcl fraction was 7 x 10-4, and the VI:II reactant

ratio was 4.

urowth rates were typically about 0.7 pie h-l (corresponding to a deposi-
tion elfficiency of 1.6%), and growth runs were typically about 4 hours in
duration, leading to layers about 2.5 to 3.0 gm thick. A to-al of eight
growth experiments were carried Out. Most layers growu were specular, as
shown in Figure 2. There was no direct evidence of gas-phase pre-reaction,
such as powdery deposits. The low overall deposition efficiency, however,
could be indicative of a competing reaction; alternatively, it may simply
reflect inefficient pyrolysis of one of the reactants under the deposition
cond.tions employed, which were not optimized.

Epitaxial Materials Characteristcs

The layers were characterized to determine structural perfection, 4M_
purity content, and luminescence properties.

Structural Perfection. The layers had good structural perfection, as
indicated by their electron channeling patterns and by x-ray rocking-curve
analysis. Very sharp electron channeling patterns were obtained in the scan-
ning electron microscope (SEM), showing that epitaxial ZnSe t1001 was grown on
GaAs (100). X-ray rocking-curve analysis carried out with a four-crystal Si
monochromator and Cu K011 radiation gave a FWHM in the range 165 to 180 arc-
sec, better than availahle literature reports for ZnSe on GaAs, but still
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Figure 1. Horizontal growth chamber for pyrolytic MOCVD

Fligure 2. MOCVO-grown ZnSe epitaxiai layer, 2.7 pIm thick, grown on Ga.As

11001 subs rate
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capable of improvement. Typical results are shown in Figure 1. The separa-
tiun between the ZnSe and GaAs (4001 x-ray reflections is somewhat anomfl
A separation in the neighborhood of 300 arc-sec was typically observe-,
whereas the theoretical separation is 342 arc-sec. This may to ir, ic• fv.<
strain or tilt in the epitaxial layer.

(a) If)

.iqure 3. Lattice-structural perfection of epitaxial ZnSe, .-
grown on GaAs (1001 substrate. (a) Electrcn-chann:elin pr'', :
(h) X-ray rocking curve

Cathodoluminescence imaging in the SEM showed a substantial ee -
structure in the layers, which can tentatively be ascribedc rmisfit i,.--
tions. These results are consistent with the expectatihn that t
provement can be expected by growing ZnSIySe7 alloys la tt--
at the growth temperature, as reported in the literature.

Impurity Content. F, y to the p-type dopinr of ZnSe
pure material, free of residual n-type donors, ints whiý-h e .::
can be introduced in a controlled manner. One .f th, laye:s w . .
first by laser-ionization mass spectrometry (LIMS) and the.
mass spectrometry (SIMS). The LIMS analysis indicate) thai. . -
of the layer, the principal contaminants were Cd and To, r t1 : -a-
the Ga and As concentrations were also high. This suggests
and the Ga contamination may be associated with Ga Iroplets !I.;,
the GaAs substrate as discussed below. SIMS analvsis As
noth 02 and Cs primary beams, and confirmed that Cd, Te, 'a, i:. ; A -
primary contaminants. Significant levels of Cl were also
levels of Cu, C, G, and S were recorded, but these may 1,o

background.

These results suggest that purity improvement can be i v i. ik
several steps: (1) Cd and Te coqtamination comes from shat'r iin+.• t
II-Vt MOCVD system, which is also used to grow HgCdTe. Appar.iT-s -
tions have been carried out to minimize this problem in the
and As contaminat ion may come from the Ga-rich surface o• th, _-As ý "'
annealed under flowing hydrogen at too high a temperature,
droplets (with dissolved As) to torm on the surface.
by a lower-temperature, better-controlled anneal of the (iAS.i
(3) Cl is a well-known contaminant in diethyl zinc, auis.Lq f- f h y.
route employed. Zinc reactants synthesized by a Cl-free p
available, and can he used in future work. (4) Further dev1lop-,.:.. .. I:. y -
tical techniques, including SIMS, is needed to eliminate psni' 1, i: '
background effects and provide adequate quant itarion
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Luminescence Properties. Bright blue cathodoluminescence was observed to
emanate from the ZnSe layer in the SEM at room temperature and at 77K

(brighter at the lower temperature). Spectral analysis of the catbodolocicos-
cence (CL) was carried out at the University of California, Santa Barbara.
Photoluminescence (PL) spectra were also measured. The CL an, FL spootra,
shown in Figure 4, agree well. Note that the CL spectrum was measured at
15K, whereas the PL spectrum was measured at 1.4K. The spectra show a weak
peak near the band edge and a strong, broad, sub-bandgap band that may te de
to donor-acceptor pair recombination.

Table I is a summary of the ZnSe bandgap at the measurement temperna-re,
from Gumlich, Theis, and Tschierse [6], and of the positions of the ofserved
CL and PL near-edge peaks (the position of a similar peak <(served in tulk-
orown material, to be described below, is als included). fine structure in
the PL near-edge peak, not visible in Figure 4 but observe: at higher resolu-

tion, is indicated by entries in the table. The near-edge peaks in the epi-
taxial ZnSe are believed to be assoriated with free excitons, which, accor'ing
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Figure 4. Luminescence spectra of ZnSe itaxi-I layer. (a) Plot:-

lurineocence at 1.4K; (b) Cat:.. (luriscrow at i7"K
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to the cited reference, have a binding energy of about 0.02ev, oornois?oo'ir~
the observations summarized in Table 1.

Table I. ZnSe bandgap and near-edge CL and PL.oas

Temperature/K 1.4 15

ZnSe bandgap/eV 2.82 2.81

Epi ZnSe near-edge PL peaks/eV

First principal peak 2.790

Second principal peak 2.-793

High-energy shoulder 2.799

Epi ZnSe near-edge CL peak/eV 2.79

Bulk ZoSe neat-edge CL peaks/eV

Principal peak2.0

High-energy shoulder 1 __ 2.791,

BULK GROWTH OF ZnSe

ZnSe crystals were grown by a close-spaced phiynical vapor tranSP-!
nique. Single-crystals of small size but excellent structural oý-erret_-.n pI,
good purity (as indicated by luminescence measurements) were obtain 'd. :he
growth conditions arid characteristics of the materials prcduize:l it,
in this section.

Vapor Transport Growth Conditions

The growth technique is illustrated in Figure 5. itoichiomerri: oloI
tions of high-purity (6 9s grade) elemental Zn and Se from Osaka/Aoa.i±
pre-reacted and multiply-sublimed in separate arspcules prio~r .

/ 980 degrees C
0.6 mm
per day /- Z eCrsa

travel //eCrsa

-Growth Ampoule

-Heat Pipe (10")

Growth Furnace 16"

ZnSe Source

/ ~992 degreesC

Figure 5. Groý' h of loSe by the close-spa.-ed phy3i i;>11 VI vq-
technique
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results in further plirificatior. by separating nornvoiat 1'- -w-iPI-T
s u r e i m p u r i t i e s f r o m t h e Z n S e s u b l i m a te . T o b r in g ab ou t ý ;I -! r y { • ,
growth, the multiply-sublimed polycrystalline ZSle chargr. wa.ý ,,•i I _ . .

end of an evacuated qouartz ampoule maintained at 992'C, wh []t- t I
the ampoule was maintained at 980'C, establishing a relat _wv 1 y
ture gradient of 0.3

5
C cm-

1  
along the axis of the growth anp . -'t.

was then slowly translated in the direction pointiqng from thI - I. r
hotter zone. The rate of furnace travel was fixed at 6 mtr per ,ay. 7t-
single-crystal growth was unseeded. The duration of th, g~rw. n wI. P! x 1-
mately four weeks. During the course of the growth, an a,-4- i-
ure occurred that interrupted the transport process.

Bulk Materials h cteristics

The crystals grown were a few millimeters on a sid e. T hI:ý -rna l -
crystal size is probably due to a growth interruption caused ry v h- ; we
failure that occurred during the experiment. The crystals hsd f'al v ;e-f
facets, predominantly {l0}-oriented. X-ray rocking-curve analysi -a-- i
out with a foor-crystal Si monochromator gave a FWHM -If !9 r iMT
excellent crystal lattice perfection . Very irright cat hodo n r -:
served. The CL spectrum at !5K is shown in Figur, 6. As
tion with Table I, the sharp peak at about 2.78 t_ 2.79 -V c a.• i :,ý
with free excitons. Phonon replicas at lower energies, s-par -
31 mev, are derived from this peak. The brightness o[ the free -,.-
sion indicates excellent crystal lattice perfection, n -suna c-
very narrow X-ray rocking curve linewidth observed. r eC , S a 7 ,
very bright, emission band at lower energies (2.3 to 2 e%). 7 h,ý - ,:.
this band is uncertain . Its presence was reflected by th e s] [oht ly
appearance of the as-grown crystals.

24000

19200

S14400

9600

z

4800

1 771 1941 2 148 2404 2 729 3 I$

PHOTON ENERGY I @V

Figure 6. Cathod o Iuminescence spect rum of buo k lS , i K
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O"MM9ARY AND CONICLUSION

The results of preliminary experiments in vapor phase growth of ZnSe,
both epitaxial and bulk, have been reported. Epitaxial layers and bulk sing'•:
crystals of good crystal lattice perfection were obtained. Impurities in 'h,
epitaxial layers were determined by mass-spectroscopic techniqies, and their
i'ke'y sources identified. The luminescence properties of the materiais wer-

udied, aIn bright emission was observed. Both epitaxial and bulk marerial
Give evidence of free excitons at 15K, very strong in the bulk, relatively
weak in the ecitaxial material. Both also show strong shr-harloap Lands of

noko,,wn origin, presumed to related to the presence of impurities andA/r ri
(elects.

in addition to eliminating the sources of the principal impurities (Cd,
We, Ga, As, and C1) observed in the epitaxial material, lowering rf the
temperature from 450'C to around 350'C is deemed important for future eftrts
"o achieve high-conductivity n-type and p-type doping of ZnSe.T ac
this, promising approaches are the use of photo-assisted MCVPE and/cr the use
of new reactants designed for lower-temperature decomposition while sti!!
avoiding gas-phase pre-reaction.

Future wo.k on bulk growth of ZnSe will focus on increasing the single-
crystal size while still maintaining excellent crystal lattice perfection.
The availability of high-quality large-area ZnSe substrates will aid the de-
velopment and understanding of high-purity and doped epitaxiaL ZnSe.
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ABSTRACT

Growth of ZnSe on GaAs from H2Se and Zn[N(TMS) 2]2 precursors has been demonstrated.
When Et2 Zn is used as the zinr precursor a hioher qua!t.y d•,post obfamed Resu.!t of
experiments employing Et2Zn as the main zinc source with Zn[N(TMS) 2]2 introduced at a dopant
level indicate nitrogen has been incorporated. Final thin films were characterized by PL, XRD, SIMS,
and Raman.

INTRODUCTION

A recent report by workers from the 3M Company of a ZnSe-based quantum well diode laser
operating at 77K in a pulsed mode has motivated researchers to develop methods for producing low
resistivity, p-type ZnSe with nitrogen doping. The main interest in this wide band-gap material
stems from its potential to operate in the blue end region of the visible spectrum. Several current
problems exist in the development of ZnSe-based optoelectronic devices, including the lack of a
commercially available lattice-matched substrate material, a sutable cladding material, and a
reproducible method for production of low resistivity, p-type material. This last problem is the focus
of this report.

The first report of conductive p-type ZnSe grown by MOVPE was in 1988 by Yasuda 2 et at.
Lithium nitride (Li3N) was the dopant source in a low pressure reactor utilizing ZnMe 2 and SeEt 2
precursors. An extremely high doping level of 9 x 1017 cm- 3, determined by Hall measurements,
was reported. PL measurements suggested lithium was the active acceptor element, although
nitrogen could not be excluded. However, this report has not been duplicated by other workers.
Yoshikawa 3 et a/. demonstrated lithium incorporation as an acceptor when cyclopentadienyl lithium
(CpLi) was used as a source in conjunction with ZnMe 2 and SeMe2 at 5000 C in an atmospheric
pressure MOVPE system. Only PL results were given and the CpLi source is a low vapor pressure
solid (like Li3 N) thus making it difficult to control transport rates. More recently workers at
Toshiba 4 have demonstrated moderate levels of p-type doping using tertiary-butyllithium (tBuLi) as
the lithium source and ZnMe 2 and SeMe 2 as the main element sources. Hall measurements were

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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performed on both the as-deposited film and the film for which the GaAs substrate was removed.
The results of the Hall measurements were nearly identical, indicating minimal p-type conversion of
the underlying S. I. GaAs substrate by zinc diffusion.

In addition to lithium doping, marginal success has been achieved with nitrogen doping during
MOVPE growth of ZnSe. Stutius 5 first reported the incorporation of nitrogen in MOVPE ZnSe using
NH3 as the dopant source. Similar results were reported more recently by researchers at NTT6
and Chiba University7 using NH3 as the dopant and ZnEt 2 and ZnMe2/H2Se as the main element
precursors. Suemune 8 etal. found that films of ZnSo. 06Seo.94 (lattice matched to GaAs) gave ten
times larger PL efficiency than lattice mismatched ZnSe films. In addition, only low resistivity p-
type behavior was observed for the lattice matched material (NH3 dopant source). Researchers at
Hitachi 9 have reported successful p-type doping with NH3 by MOMBE. It was suggested that the
efficient incorporation of nitrogen by this technique was due to growth under more zinc-rich
conditions. In each of these studies NH3 was used as the nitrogen acceptor source. Significant
incorporation of nitrogen with this source is difficult because of slow thermal decomposition rates at
growth temperature, low sticking coefficients, and possible adduct formation with organometallic
precursors.

The success reported by the 3M Company was based on achieving significant nitrogen
incorpuidlion during MBE growth using a ground state, free radica! nitrogen source. This success,
and the difficulty in obtaining atomic nitrogen at higher pressures, motivated us to examine
alternative precursors. Keeping in mind the need to locate the nitrogen atom specifically on a
selenium site in the lattice, we decided to examine precursors which contained a Zn-N bond.
Realizing that zinc prefers the native site, an enhancement in site selectivity would occur, if the Zn-
N bond could be retained during the deposition experiment. The results of our preliminary
investigation are presented here.

RESULTS AND DISCUSSION

To have a reliable baseline against which to judge the dopant experiments, nominally undoped
ZnSe was grown first. The growth conditions for ZnSe were: GaAs substrate, 20 to nearest (110);
5500C, H2 , 10 minutes (pre-cleaning); 3 slpm (10-2 mol fraction) H2Se; 2 slpm (10-4 mol fraction)
Et2 Zn; 601C bubbler temperature (10-6 mol fraction) Zn[N(TMS)212 ; 250 - 45000 substrate
temperature; 80 torr reactor pressure; 0.5 Wh growth rate. A PL spectrum of such nominally
undoped material is given (Fig. 1). Next, growth utilizing only Zn!N1Si(CH,)?12 }2 ' tho source oe
zinc was performed. The purpose of this experiment was two-fold. First, to determine if the zinc
amide was a viable transport source for zinc. Second, to ascertain the optimum decomposition
temperature for this dopant precursor. XRD (Fig. 2) patterns of films grown using Et2Zn (A) and
the zinc amide (B) are virtually identical, thus indicating the zinc bis-amide compound is a good
source for deposition of zinc-containing materials. Downstream monitoring of the zinc amide
decomposition pattern by capillary sampling/mass spectroscopy (Fig. 3) indicated the optimum
region of thermal decomposition for this source is -350*C to maintain the Zn-N bond while eliminating
SiMe 4.
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Figure 1: PL spectrum of ZnSe grown from Et2Zn and H2Se.
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Figure 2: XRD spectra of ZnSe grown from H2Se and Et2Zn (A) or
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Figure 3: Arbitrary strength of post-substrate mass spectrum signal attributed to the
ZnN2+ fragment of Zn[N(TMS) 2]2 as a function of substrate temperature.
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Having thus demonstrated both the capability of growing nominally undoped ZnSe and the
viability of Zn{N[Si(CH 3)3]2) 2 as an OMVPE source compound, we directed our efforts at the
utilization of this zinc amide as a dopant precursor for growth of p-type films. The basic idea was
to enforce retention of the Zn-N bond under growth conditions. P.,-viously, we had shown that gas
phase decomposition of the zinc amide proceeded by expulsion of "ZnN."10 Such an observation
conflicts with known bond strengths.11 Recently, we undertook a computational project aimed at
providing some insight into this problem.12 The bulk of the electron density in the top five occupied
molecular orbitals resides in the trimethylsilyl groups, thereby rendering both the Zn-N and Si-N
bonds somewhat weakened. Also, we have prepared Zn{N[C(CH 3 )3 Si(CH 3)3])2, determined its
solid state structure by single crystal x-ray diffraction, and examined both its vapor phase
decomposition profile and molecular orbital bonding arrangement.1 3 Just like the bis-silylamide, the
carbido-silylamide exhibits a strong peak in the MS attributable to the parent-(ZnN). The MO
scheme for this unsymmetrical metal amide also indicates strong organic fragment bonding at the
top of the filled levels. All of these results point to the potential fcr zinc amides to serve as dopant
sources for electronically active nitrogen incorporation to produce p-type ZnSe.

Preliminary S:MS data show a strong peak assigned to SeN, identical to the one observed for
ion-implanted (N) pure ZnSe. Raman spectra of nominally undoped films and films grown with
Zn(N[Si(CH 3)3]2) 2 as the zinc source show several features of interest (Fig. 4). As observed, ."e
intensity decrease of the longitudinal oploca; phonon frequency at 253 cm-1 is coupled to an intensity
increase evident at 267 cm-1. Figure 4A is a Raman spectrum for a film deposited only from Et2Zn
and H2Se. Comparable data were observed for higher deposition temperatures. The assignment of
the vibration at 267 cm1, which increases in intensity as the concentration of Zn(N(TMS) 2}2 is
increased, is attributed to the coupled plasmon LO phonon mode of pure ZnSe. Combining these
observations with those of the thermal decomposition studies (Fig. 3) suggests an optimum growth
temperature from the Zn{N[Si(CH 3 )3]2}2 of 350'C. This was identified as the temperature for
maximum production of ZnN. This correlation of flux of species possessing a zinc-nitrogen bond
with the observed changes in the Raman spectrum gives confirmation to our suggestion that
nitrogen incorporation is occurring in the films. Future work is aimed at obtaining additional
supporting evidence for the "designer dopant" approach.
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HIGH RESOLUTION PHOTOLUMINESCENCE OF EDGE AND NEAR-EDGE CdTe

M.C. Carmo and M.J. Soares
University of Aveiro, Physics Department, 3800 Aveiro, Portugal

ABSTRACT

Among II-VI semiconductors CdTe is the one that can be grown in better
crystal quality. However most of the edge and near edge luminescence
properties are still to be clarified. CdTe can be obtained in both n and
p type and conductivity type conversion is obtained under heat treatment.

In this work we studied the behaviour of a batch of CdTe samples under
annealing in different conditions. We observed the growth and destruction
of the 1.47 eV band and separated the 1.47 eV and 1.43 eV bands. We also
show that these bands are strongly related with the chemical stoichiometry.

INTRODUCTION

Among II-VI semiconductors CdTe has received a great deal of attention
partially because of its extensive use as a substrate in HgCdTe infrared
detectors among other applications in solar cells, nuclear detectors[Ij
and the growth of epilayers. It is also an interesting material for use
in diluted magnetic superlattices and optoelectronic devices. All these
applications are very sensitive on the quality of starting material. Although
a great deal of work has already been published few precise results are
availabe[2,3,4] and a correct identification of most donor and acceptor
levels is still under controversy. This is partially due to the fact that
the quality of the crystals available was in general poor and frequently
polycrystals were employed. The study of this material is also important
from the physical point of view. It is one of the few II-VIs that can be
grown in both n and p conductivity type and type conversion can be
experimentally i~duced and monitored, thus providing insight for the true
role of intrinsic defects in this process.

EXPERIMENTAL DETAILS

Low temperature (4 - 70 K) photoluminescence was used to study the
emission of CdTe cry tals. Above gap excitation was achieved either by
an argon laser (5145 A) or with a Xe lamp followed by a monocromator. The
luminescence was caught in a 900 geometry, dispersed by a 1700 SPEX machine
and detected by a photomultiplier tube with an extended red cathode. The
samples were prepared from single CdTe crystals grown by a Bridgman process
in different crystals orientations, conductivity and sizes. A batch of
more than 30 crystals was available. The samples were cut and mechanically
polished or etched. The density of etch pits was in the order of 105/cm2 .
Annealing treatments were performed either in open tubes in inert atmosphere
or in closed quartz ampoules and excess high purity cadmium overpressure.
In all measurements a control sample was kept for monitoring the experimental
results.

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Socl|ty
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GROWN CdTe

Fig. 1 shows the spectrum of CdTe at two different temperatures. It
is clearly seen the contribution of 3 acceptors to a donor-acceptor
transition and a band-acceptor transition. An impurity bound exciton is
also observed at 60 meV from the conduction band edge as measured
spectroscopically from the free to bound transition energy

h EG - EA + kT
2(1)

and taking the electron temperature as the lattice temperature.

D) 0-A B-A

A B-A T:12K
T: 4 K

]0-A 

T1

77 79 8•1 77 79 81 8.3 8.5 §7 8.9"WNAVELENGTH O1 A) WAVELENGTH (0 3 
.A)

Fig. 1 - Edge luminescence from CdTe
a) 4 K; b) 12 K

At higher temperatures (Fig. 1b) the free to bound transition dominates
the spectrum. The energy of the shallow donor can be estimated from the
separation of the donor-acceptor band-acceptor transition and the pair
mean separation

hvD..A = hvBA - ED + A (2)

(A = e2)

as , 15 meV. These results are in accordance with previous publicationsf5,61,
apart from the greater detail shown in our low temperature spectrum.

NEAR EDGE LUMINESCENCE

Fig. 2 shows typical 12 K luminescence spectra of p type CdTe samples.
The spectral structure shown varies strongly with the resistivity of the
sample and within the same sample the face from which the luminescence
is colected. Namely the spectra of the same (111) sample with uniform EPD
are very different when collected from face A (Cd) and face B (Te). The
spectrum is dominated by the donor-acceptor and band-acceptor transitions
at 1.54 eV (8061 A) and 1.55 eV (8024 A) followed by their phonon side
band separated by , 21 meV (the LO phonon energy is quoted as 21.3 meV
in CdTe). In some samples a line at 1.59 eV normaly identified as an exciton
bound to the Cu acceptor[7] is also present. This system is followed by
a broad band that can be deconvoluted in two separate bands, one with its
stronger intensity at 1.47 eV with a halfwidth of % 8 meV and the other
peaking at 1.43 eV and -, 60 meV wide. The zero-phonon lines of these bands
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Fig. 2 - Edge and near edge luminescence from as grown CdTe

are not cleariy identified. The broad structure of these bands suggests
their origin as the spectral convolution of different but closely related
defect clusters. This idea is supported0 by the experimental fact that the
phonon structure of the 1.43 eV (8700 A) band could always be evidenced
by selectively exciting some defect clusters by varying the excitation
wavelength. The 1.43 eV band has been frequently assigned to a DAP (Donor
Acceptgr Pair) band[5] while it has recently been argued that the 1.47 eV
(8400 A) band is related with the etch pit dislocation density[81.

HEAT TREATMENTS

Heat treatments of CdTe are of particular importance since the
stoichiometry of the crysta' can be overall changed and it is known that
higher temperature annealing always results in conversion of CdTe to n
conductivity type, although this process is still not completely understood
specially due to the fact that the role of the intrinsic defects in the
process has been most probably over emphasized.

We have performed a few annealing experiments under different conditions
to evaluate the behaviour of the broad near edge luminescence bands. The
results are shown in Figs. 3a) and b). The results show that the 1.47 eV
band can be created by annealing in an excess cadmium atmosphere. It was
also observed that in samples containing the 1.47 eV band at the starting
point the annealing of the 1.47 eV band occurs at 300 C in argon atmosphere
and only at -700 C in cadmium atmosphere.
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Fig. 3 - Annealing behaviour of near edge broad bands in CdTe
a) in Cd overpressure; b) in inert atmosphe-e

The DAP band grows fast under annealing in argon atmosphere. Thiscould work as an argument in favour of a Cd vacancy related band. But asimilar growth is also obtained in an excess cadmium overpressure. In Fig. 4we show how these two bands can be separated by spectral subtraction. Sothe presence of the donor species Cdi does not affect greatly the DAP 1.43 eV
band.

80 82 84 86
NAVELENGTH (10 A)

Fig. 4 - The 1.47 eV (8400 A) band
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CONCLUSIONS

We have shown in this paper that the edge -nd near edge luminescence
of CdTe, specially the presence of broad bards is strongly dependent on
the chemical stoichiometry, this is specially clear comparing the sistematic
differences shown by the spectra of faces A and B of (111) samples. We
also were able to create the 1.47 eV band by annealing of a p type crystal
in an Cd overpressure environment. This questions the :dea that this band
is correlated witr EPD apart from the fact that these extensive defects
could act as good trapping centres for the Cdi species acting as a donor.
The 1.43 eV DAP band could not be correlated with trie presence of excess
cadmium atoms and so its assignement to intrinsic defects is not obvious.
Its annealing behaviour could equally well be interpreted in the basis
of the native defects, this would explain the raise of the 1.43 eV band
obtained by Taguchi et al[7J near the interface of epilayers CdTe/GaAs.
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1 11611I QUALITY' ITITAXIAL FILMS OF ZnSe AND) ZnSerZnS STrRAINED LAYER
SUPERLAITICES GROWN BY MOCVD

CIJUNGDF 'E PONG, R. C. DeMA'FFEI*, and R, S. FEIGELSON*
Department of Materials Science~ and Engrineering, Stanford University, CA 9,105
*Center for Materials Research, Stainford University, 1(05 McCullough, Stanford, CA 94305

ABSTRACT

High quality epitaxial films of /nSeand ZnSet7,nS strained laver su perlattices (SLS) have
been grown on O(M() GaAs Suibstriites using diethylZinc, diimethylSelenide. diethylSelenide.
anid pIPt ple neS U fide as, rca cc it in ilth iti itosplreic aid lks pressure environment. This
Source cor~ibinatioii produces the. iiiuliS sloýing f iciucie of process conditions, such as
reagent floss ratio 0\1/I111) and siihsri itsC tCIripIerritre, on tie film stoichiomnetry. surface
riiorpliologv, anrd cr\ystallille (111;111\ I os teffliperatire pihittol uminle scence ( PL), Rutherford
backscattering Spectroeririys (RBS), cruss ssciionarl TEMN, and x-ray diffraction have been used
to characterize the filmsý. Photlnni11inneSCnCe1 Studies at 2.8 K on samiples of ZnSerZnS strained
layler sn perl armices: 10( periods 7irSe I .5 nnri)/`/u SI .5 rn x i have shown q nan tuni size effect
with the peak energy blue-shifted to 1.13 eV ss iii thle FWI'1M=73 meV. Atomic force

riiicrorscopy (FI ) "it,,wa applied ton st idy Surface mIorpholog O 1til er sariiples.

INTRODLUTION

Iii the past decade, thle irirprscimerriet ii cp Ia i iiia gross i of II -V compounrds hy MOCVD
anid M BE technique.s I 1-11 hitis e geirerited %is id hitersrestsI, in) the application of these materials to
optoelectronics de\ icss i e. mraiirly s isihi laser diode s arid non-linear devices like second
harmioriic generatrors. Somie receiit success 15- 71 in hirstots (iC devices based tin superlattices and
miultiple LjUan~tUnI ssells ol /iiSeftiiS. ZnSScI/`n.S aid 6dZnSef/riS has shown i great potential
of this famil of maii terial~s in device applications.

Crystal gross ti ot these riiateriamls is Still riot perfect. lTre strairns hetweeii different layers
due tin lattice mismatchl oftern pose air iinstablility concern. Rough surface morphology is of great
concern in the grossh ofii II VI ci uripoir rds I 11 IThe r-onli2 cross di front cau ses the usuallIs
observed wvavy interfaices ii 1I- VI suijerlatticsss sshli Iia uses the broadening of luminescence
emission peak 18-9 anird ssreak x-raty iitelhIirc px rk, Thle preseiit study is focused on the
epitaxial growth of stois hiorricric filtir am) thein rflus l nt oprocess coiniitorns on the surface
moorphology arid inic ilc aishrupruress.

EXPERIMENTAL-

Sarmiples were gross ii i aI loiirrisril qufart/ reacitor usinig dictlrIuinc, diriiethylSelenide.
diethylSelenide. and prirpylerieSulfide asý rergcuniS in hothI atmriospheir c arid low jircsu re
e nv iron ment. The ran ge of' groms iiireripe ra iiire s 5 aed frorm 4111 lC to 475"C. The pressure
was kept at 94 torr for tire iriSeftirS SLS grosiiit. Reaicnrus s%\crc rriixed in at fast switching urnit
before facing the sri bsatrei. (;;I/\As sirbsi ate \%ias pie pa red by stanrdardl solvsent clearti ng. then
etched for 2 miinurtes r i a miit ii re o f I parr DI ss ate r. I part hy drogen pe roxide. and 5 parts

iSulfuric ac id. Blefore gii rSri.si isutirmr re s as lie niriall v ticeated at 540"(' for 10 rminuttes in
hy droigenr err sirorrnrrrcn

' he P)1,.A I wa excited i\ tire UN line rrf a lIeI-(.'r laser arid detected with a Spex double
rrronnrchrorna tor. anrd tire liqunid Irli humi dew ar termperatuire swas mainrtairied at 21 8 K through
pumnping. A Picker frill-circle sirigle crystal diffractorrreter was used to obtain x-ray diffraction
crurve. The al ignmerit oif d iffrac tonitctr ss'as aclicievd by nraxi miii/in c the GaAs (4(X)) reflection
inlen sits' Sturdy vn riirial I- scale suirface riiorphloskgs tiSeu at Narisscopec It by D)igital Instruments

toi scani I pint x I pmi area or thre Sarrple

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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RESULTS AND DISCUSSIONS

Growth of Zn e

PL measurements at 2.8 K of ZnSe . .

layers (Fig. I (a)) showed a strong near (a)

band edge (NBE) peak at 2.802 eV and
relatively weak deep level (DL) emission
band between 2.0 and 2.2 eV, which is

characteristic of a good quality ZnSe film . .
[10]. The detailed structure of NBE peaks
was resolved by performing a narrow PL
scan on the same film ( Fig. I (b)). The
peak identities were assigned based on peak
energies, which were very close to the
values people reported earlier 111-121. The .
relatively strong free excitonic peak is at 42 4 W AVELNGH x10 Engstrom
2.802 eV. The strongest peak at 2.798 eV is to -
due to bound exciton with neutral donor, as
neutral donor is shallower in bandgap than (b) 2_" "4" 34 P.2 ,434 2?,54 .ltsnJ •
neutral acceptor. No transition due to bound 1 1.., ,
exciton with neutral acceptor was observed . a ,,o 1,,a o,..
from this sample. A weak emission peak at a 4@46 ,ELo
2.787 eV was believed to be associated with "'00 " "
bound exciton and ionized acceptor. '14, , i

The donor-acceptor pair (DAP) is . I •. r

clearly shown on the spectrum with the peak
energy of 2.702 eV, and also three phonon
replicas associated with it, each of 31 meV . it I, .i''
111]. Since no dopants were added during 42 46 48 50 52

growth, it is believed the donor is associated WAVELENGTH 100 al

with Gazn, and the acceptor is due to Ass, Fig. I (a) A photoluminescence spectrum of a
[ 13]. From this, it is obvious interdiffusion good quality ZnSe film showing NBE
had occurred at the interface between film and DL peaks. (b) Narrow scan of the
and substrate, which people observed before same film.
1Ill. The result of Rutherford backscattering spectrometry, Fig. 2, gave a 5.2% minimum yield
on the same film, which is lower than the value reported by Ohmi et al. [141. The x-ray
diffraction curve in Fig. 3 of a 400nm-thick film showed a narrow (400) ZnSe film peak and
two substrate peaks, indicative of good epitaxy and crystallinity. The FWHM of the ZnSe (400)
peak was measured to be 0.1 degree, and the FWHM of the substrate peak was 0.06 degree.

i •. . I 7..... r4nn domo

elf 5 5 ,'
..-. -- -j2 2

260 300 350 400 450
CHANNEL

Fig.2 An RBS spectrum gave 5.2% minimum yicld of a Fig. 3 An x-ray diffraction curve showing ZnSe (400)
good quality 7nSe/GaAs. reflection at 2-theta = 66.13

0
.
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A cross-sectional transmission electron micrograph (Fig. 4) showed coherent growth of
ZnSe on the substrate. Some stacking faults appeared in the film and the interface seemed
smooth.

Fi;. 4 A transmission election micrograph show'ng the cross section of ZnSc giown on (100) GaAs.

The surface morphology of a good quality ZnSe film was usually faceted and textured, and
the degree of facetedness depended on fs/fzn. The texture was usually toward <011> direction,
as also observed by the other researchers [151. A schematic diagram shown in Fig. 5 (a) was
adopted to explain the facet formation on the surface. The scanning electron micrograph in Fig.
5 (b) is a typical cross-sectional view of a crystalline ZnSe film.

_F7

Fig. 5 Cross-sectional view of faceted surface morphology of ZnSc (a) a schematic (b) SEM.

The effect of fsdfm on surface morphology is shown in Figure 6; fsdfzn=8 yielded the
smoothest surface, while fsdfzn=4 yielded the roughest surface among the three samples. It was
pondered that since diethylZinc and dimethylSelenide were used as precursors in the film
growth, and ethyl molecules decomposed easier than methyl molecules, the Zn atoms left on the
growth front quickly settled down due to its lower vapor pressure (larger sticking coefficient)
in the growth conditions of small fsdfz0 , thus enhanced facet formation. The observation of
increased growth rates with decreased fsdfz, also supports this argument.

Fig, 6 Effect of fsefin on ZnSe surface morphology (a) fsj/fZn=
4 

(b) fSeifZn=
6 

(c) fseJfZn=8. Growth

temperature is 450
0
C.
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6jrowth of ZriSef~uS SLS

L.0 w t e np era Iture P L Peak energy =3.025 eV
me as ureme n ts performed on FWHM 68.7 nieV 1

ZnSe/ZnS SLS yielded very strong
blue emission. A typical lumintescence
spectrum is shown in Fig. 7(a),
which was obtained from a sample of (ak
single quantum well grown at 45011C.
The peak energy is 3.025 eV and the
ZnSe well thickness is estimated to be
1.5 um 131. The red shift of peaki
energy due to increased well .1I
thickness is observed in Fig. 7(b), 325 385 44 5 505 565 62 5

which was obtained fromt a Sam ple WAVELENGTH. I ioo ano-

grv- tthe same condition,, as(aI). I QW of ZnSe (3 nm)/ZnS (8.5 nm) 1AWM11111111111
Irw It Peak energy = 2.924 eVMR 11 ;

except that the growth time of" swcI FWHM = 68.3 rneV
layer was increased from 75 Sec to 95
sec. The peak ergy in (b) is 2.92-1
eV and the correspottdin u'Well.I

thickness is estimated to be 3 urn I 131. (b I
The qu~ant~itl toSize effect is ci carll
observed ott thle two( samples.

We also investigated the issue of- L I
interlace roughiness 191 by gross ing b 11'
multiple quantum UMellsAI:
structures (Fig. 7(c)). There ssere 10I 325 38 5....505 56 5 625

periods ZnSe (1.5 nml)/ZnS (8.5 1110) WAVELENGT. ,OX angs

in this sample and the gros tlt 1 10QWs ofZnSe (t.5 nm)IZnS (8. nm)
conditions were the satme as (a). The [ Peak energy =3.075 eV
peak energy of (c) is 3.075 eV, bUt FWHM t1t6,8 mneV
the FW~i-M is increased from 68.7
meV (in (a)) to 116.8 meV, which is
a sign of~ increased interface
roughtness hetssecui ZtSe and ZnS (c) I
layers. In order to solve this problem LI

abrief interruption of. the lae
growth wAith group VI overpressure In rIII IT IIBY~mII~ri

the growth chamber wa~s ap)plied. 1 id~fLI.~~1 d'I 1 iI}
The procedure ss as thiat ins'tead Jill

of only hydrogetn purge betw""eenIL
different layer growth, the group VI 325 38 5 445 5 2o5 56 5 625

source continuously flowýed for a WAVELNT 100 V75 ,

brief motment after the growth, thten 10 QWs of ZnSc 0.5 nm')/ZnS 18.5 nm)
followed by pure hydrogen purge. 1t FWHM =73 rnV
was in tilte hope that duritng the step 611 Growth interruption
flowitng group VI Source, the
interface Would be srmootlhened Out,1111,010 11
The preliminary result is sho l t d)
Fig. 7(d), which was obtained frtom
a sample of 10l periods ZnSc/ZttS
with tite same growth cotndit ionsisd
(c). The peak energy of this satuple is
3.027 eV and the FEWEIM is 73 tueV. I
And both values are very close to I
those (If the single QW satmple (at), 325 38 5 84.5 805 56 5 625

which is a very etncouraging sign. WAVELENGTss ¶OD W86roml

The rign offriges(In hisetnss~loll Fig. 7 Low temperature PL showing excitonic
peak is not cleara~t this miti~~t emission peaks of 4 cases of ZnSeIZnS SLS.
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Atomic force microscope is a powerful tool to investigate minute changes of surface
morphology 1161, which are too imiportant inforniation in crystal growth to be neglected. The
improvement in morphology is the key to monolithic integration of optoelectronic devices
consist of groups IV, Ill-V. and 11-VI semiconductors. Some lineplots of the result are shown
in Fig. 8. The scanned area is 1 pmn by 1pmn. The smoothest surface was (a) among the three
samples, which is expected for a single QW sample. Textures or hillocks were appeared on (b)
and (c). The influence of growth temperaiture on Surface morphology was also observed.

I QW of(ZnSo 0 mh/Ln5 (8 5 no,,
(*) ~G.ooti Ioanpo 450-C

GI ot em eolr 
=4

AiX

ID QW, o7,fZ.Sc I o)Z58 ,

80C nnno =40

040

Fig AFMlinelotsof srfac morholoiesof tree asesof Z~e.....untu.wel

structures../Z.~h5
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CONCLUSIONS

We have investigated the stoichiometric and crystalline properties of epitaxial ZnSe film on
GaAs substrate. Interdiffusion between film and substrate was observed. With proper control
of group Vi to If ratio in the growth process, it is possible to grow smooth films of good
quality. The quantum size effect was confirmed on ZnSe/ZnS SLS and the interface abruptness
could be improved with growth interruption under the overpressure of group VI source. Atomic
force microscopy reveals very small-scale variations of surface morphology, which can give
some insight of growth kinetics.
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THE APPLICATION OF LAMMA-1000 TO THE ELEMENTAL ANALYSIS
OF CdTe COMPOUND.

A.I.BELOGOROKHOV, A.Yu.KHAR'KOVSKY,
Institute of Rare Metals, B.Tolmachevsky per., 5, 109017 Moscow,
I;uss i a

ABSTRACT

Data from numerous LMMS analysis of specimens of a polished
sample of CdTe crystal are treated statistically to estimate the
accuracy and reproducibility of quantitative analysis. The data
are consistent with the instrument producing a fixed condition
in plasma for a given laser power. The plasma chemistry is shown
to control the conditions reached in the plasma for a given
power.

INTRODUCTION

The aim of current work is to establish methods for dealing
with the (data relating to major element concentrations in a
compound, and to provide some idea of the accuracy and
reproducibility achievable. The results are also used to provide
an insight into the effects of specimen composition, and hence
plasma chemistry, on the behaviour of plasma.

MATERIALS AND METHODS

Two kinds of CdTe crystals, which were as-grown undoped p-
type and annealed n-type crystals, used in the present research,
were grown from Te-rich melt by the Bridgmen method. Polished
1 x 1 x 0.1 cm

3  
samples with resistivity (0.5-2.5) 102 Ohm cm,

mobility (40-80) cm
2
V-ls-' and carrier concentration 1015-

-1018 cm-
3  

at room temperature were used by us. The polished
surfaces were [111] faces.

The work was carried out on a Leybold AG LAMMA-1O00
instrument. Each specimen was analysed using a series of
increasing laser powers with analyses taken at ten locations to
reduce variability due to surface roughness.

Peak areas were measured using the LAMMA software, with a
correction to allow for electron multiplier saturation at high
signal levels [1l. Peak areas of elements were plotted against
total area as in Fig.l. The measured percentage could be found
from the slope of the line so produced.

RESULTS AND DISCUSSION

Strong correlation was found between the various elemental
ion yields (peak areas). This can be shown both by simple error
analysis and also by plots of the type shown in Fig. 1. This
figure also shows that, at a given power, there is a linear
relationship between the elemental area and the total ion yield.
It appears that, within experimental error, the measured
percentage of any element is constant at each power.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materlals Research Society
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Fig. I.: Variation in elemental ion yields with total ion yield
for the elements in CdTe at a laser power of 3 (respect to
threshold power).

The elemental percentages derived from the slopes in such
plots (calculated by least-squares analysis) can have standard
errors typically 0.5-2%, but can be as low as 0.3%. The error is
related to the laser power and hence to total ion yield; larger
number of ions improve the statistics. These percentages can be
used to establish working curves, and the errors indicate that
accurate quantification is possible, provided sufficient results
are obtained.

The above measured percentages can also be expressed as
correction factors for a given elemental ratio. The correction
factor is the multiplicative factor used to correct an ion yield
ratio to a concentration ratio.

It has been shown that the temperature is a function of the
laser power dencity [2,3], and so it can be assumed that the
correction factor depends on laser power [4]. Hence, it appears
that a given incident laser power produces a fixed set of plasma
conditions.

The variation of the correction factor for CdTe with power
is shown in Fig.2. The correction derived from CdTe increases
and asymptotically approaches a value close to 0.4 at relatively
high powers. Growth of the correction factor with power can be
explained by relationship of the ionisation potentials of
elements (IP(Cd) is less than IP(Te)). It is snown in Fig.2 that
correction factor is constant and far from unity at high laser
power. So it can be assumed that plasma conditions (principally
the electron temperature and density) are not varied with power
and charge-to-neutral ratio for Te is also considerably less
then unity.
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Fig. 2: Relationship between Cd/Te correction factor and laser
power for the CdTe.

CONCLUSION

This work shows that, for CdTe investigated, the measured
ratio of the elements present is constant for a given incident
laser power. This ratio can be measured with accuracy as high as
0.3% standard error, indicating that quantification with good
accuracy is possible. The plasma chemistry has a major effect,
but only as the plasma conditions produced by a given laser
power are altered. However plasma conditions for CdTe slightly
vary beginning from some given laser power. The relationship
between plasma conditions and elemental ratios is constant.
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OPTICAL STUDY OF THE CdTe CRYSTALS
IN FAR INFRARED REGiON AT TEMPERATURES (5 - 500)K

A.I.BELOGOROKHOV
Institute of Rare Metals, B.Tolmachevskiy, 5, Moscow 109017,

RUSSIA

ABSTRACT

The semiconductors of zinc blend structure are promising
candidate materials for numerous experimental and theoretical
investigations. In recent years, considerable effort has been
made to study the lattice infrared absorption spectrum of II-VI
compounds, renewed interest has been taken in CdTe owing to its
relatively high electro - optic coefficient in the near
infrared. In addition, its nonlinear response to two-phonon
absorption in the infrared region is of interest because the
material is transparent in this spectral region.

A high quality CdTe bulk crystal is a very promising
semiconductor for gamma-ray detectors operating at room
temperature [1] and is a technologically important material
with applications in solar cells and infrared focal plane
technology. In the latter it is an end-point constituent of the
HgTe-CdTe alloy system, a commonly used substrate for thin film
growth, and a promising passivating overlayer for HgCdTe
photodiodes. The electrical properties of CdTe are dependent
upon the growth method and chemical impurities. Nominally
undoped material is generally insulating ( resistivity >
107 t-Q 'cm) with electrical properties controlled by deep trap
levels associated with native defects and defect-impurity
complexes. Added dopants may yield low-resistivity n- or p-
type material [23.

The CdTe valence band consists of heavy and light holes
which are degenerated in the center of Brillouin zone, P-point.
In this case we can expect a resonant behaviour of dielectric
function caused by heavy-light-hole subband transitions
VI-V2 within valence band Ev. It takes place in the spectral
region corresponding to the crossing VlV2 with Fermi level
energy.

The far-infrared transmission (TR) spectra were measured
with BRUKER - 113v Fourier-transform spectrometer. The spectral
range was from 20 to 5000 cm- 1 and the resolution was 1 cm-I"
The accuracy for determination of the TR coefficient was better
than 0,2%. All samples were measured in the temperature range
of (4,2 - 500)K. The more interesting was the fenomena taking
place at low temperatures when the electron system is almost
degenarated but we must take into account the finite charge
carrier temperature.

It has been demonstrated that the consideration of the
influence of valence band isoenergetic surface corrugation
on e(W) allowed us to discribe the wavelenght dependence of
absorption coefficient 0(() and to determine the optical
effective heavy-hole flZ* mass.

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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p-type and annealed n-type crystals, used in this work were
grown from Te-rich melt by the Bridgman method. Polished,
1i1'0,I cm3 with resistivity (0,5-2,5)'102 -L. cm, mobility (40-
80) cm2 V-Is-I and carrier concentration _1015 - 1018 cm- 3 at
room temperature were used in this study. The polished surfaces
were [111] faces.

Figure 1 shows the result of 5K-temperature optical
transmission measurements on the samples studies. Samples with
low carrier concentration are more transparent in FIR up to
multiphonon absorption. The second sample series have strong
intersection in the region (500-2000) cm- 1 .

It is seen from the figure 2 that, at temperatures T=(5-
400)K, all curves of ai(6QT are crossing practically at one
point. At the same time this crossing point has displaced
according degenerancy varing. We thus conclude that fact should
be associated with the heavy holes - light holes interband
absorption which can be calculated according to:

where 177, and IIZ2  are effective mass of light and heavy
holes, correspondently. In the case of the 4W <<7 0 1
where E is the characteristic hole energy: E0 =kT in the non-
degenerate case ( k is the Boltzmann constant ) and E0 is equal
Fermi energy Ef in degenerate area the image part of
can be expressed as: 640)

N
N

N

Fig.l. Transmittance spectra of the samples with low (i) and
high (2) carrier concentration at 5K temperature.
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Here _(.) is the integral of wave function overlapping:

Y (If ) d [Z (3)

2 2 •

t ,. " are Luttinger parameters.
Note that if we neglect the valence band corrugation and

if I(A)= f the functional dependence of VI -- V2 absorption
coefficient o a (Qj) on T is expressed:

21n2 21n, (4)

Here (4) is frequency, LP = /7211)7f, 4 is the refractive
index. We used the approximation for the dependence of Ef on
T given by:

/r' lgo L, •< I,< •

If we take into account that valence band corrugation will
lead to essential change of high frequency edge
of Z,, C(ow) shape.

On the condition that

numerical calculation for ..Zm'e()) shows that in the case of
the valence band isoenergetic suface corrugation holes are
excited from states in the direction of the quasi-momentum
corresponding the largest hole masses.
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edge.
In Fig.3 are shown the experimental transmission spectra

of CdTe sample at various temperatures. In the presentn
approach (eq.4) we made numerical calculations using following
values of CdTe crystal parameters: /lci =9,0'"0-' eV'cm (the
matrix element of the V- and C- zones interaction),/#-=0,7*m0 ,

/25. Here 17o - is the free electron mass, Eq - is

tUe bang gap energy. For the above parameters we got the best

fit with experimental spectra. in that temperature interval

Fermi level has taken following positions: 65 meV at T=5K till

39 meV at T=405K from the valence band edge. We noted that the

spectra crossing point is displaced according variation E1t at
(5-400)K. For understanding the nature of that physical
phenomenon we must calculate free charqe carrier concentration.
At 300K we find the heavy hole concentration (HHC) = 2,63
1018 cm- 3 and liqht holes 1,42"1017 cm-3; at 78K this values
are: HHC=I,53"I10 cm- 3 and 8,80.1012 cm- 3 , correspondently. On
the other hand, we can verify the above result using
reflectivity spectra and obtained plasma frequency

WAp meaning. It must be equal 66 cm-I and 2 cm-I 't
T=300K and T=78K, correspodently. From experimental optica,
reflection spectra we have found cdp predicted by the theory.

f2 0 17

Fig.2. Calculited spectra of V1 V2 absorption at T-5K - 400K.

The theoretical analysis shows that two crossing points
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The theoretical analysis shows that two crossing points
must exist: the first is described above and the second is
within spectral region CO -350 cm-

1
. Our calculated results

agree quite well with the experimental data from transmittance
spectra of some Cd'fe samples; there are some difficulties in
that spectral region because at the same time multiphonon
processes take place here. So the obtained calculation results
are valid for description the phenoi.iena of far infrared
spectral and temperature absorption coefficient
dependences of crossing point.

T= -5-/
2 T=foOK

250K

0 II I I I I

2900 fooo 60 c177

Fig.3.The experimental transmittance spectra of CdTe
crystals.
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r SELF-COMPENSATION AND DOPING PROBLEMS IN ZnSe
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Abstract

fie examnliie fiat ive-(lefect comopenisat ion. solu bili ty limi ts, and dopa nt self- cor eis IW5 tollf

in ZnSe. Our resuilts are blased onf a formlalismn, nsing lirst-principles lerlsjt.%-fllllctiollal
Ileor., that treats dopant atomis and nlative defects on all equal footling. For the case of

acceptor dopinlg of ZtlSv with U1 I.we find thlat compljensatio iin(dt- to initerst it ia Il~i donors a 111
to nat iye dollor defects call he ret-ihced to a tolerable level 1wv care'fully* adjtust ing thle growth

conditionis. A more serious imnpedimenet to iJ (dopinig collies frolin thle solhbilityý lim~it of L'i if)

1. Introduction

\Vide-band-gap selmicolnduictors have importanit optoclect rollic appllicat ions. ZIISe(E
-2.6 eV), for example, call he tisetl to make a hltte semliconduictor las~er. G;reater uise of

wvide-haonl-gap materials has beeli hampered hv dopilng dlifficutites: verY few wille-bald-

gal Isemiionduc lt ors call he dloped hoth iii- type ani d p-t vpe. II 2, :31 For inst anlce. ZnIle an10
di ann 1111('all he- dtped p- ty muw ilch more easily t han ni-tv 1w, whliile ot her wile-I a 111-ga p

mat erial s caii be read i l mlade ri-type hblt hot p-tv pe. IIn spiitet of recenit reptort s of wIeIl-
eon(l tct inlg ti- ty ZnC/,1Se,.1, 51 thle causes of thle dopinlg piroblem~s remain mii lletar.

F ~~~~InI the piast , hla t i '-defect comopensat ion was th litmost wi delv a (ctept ed explanhat ion of
lie (dopinhg problemls ill wide- hand- gap semicolldulidors.[6. 71 Accordinhg to thle 11ati ye- defect

Ilnee Ini sly) S, when acceptors are added to ZnlSe. thle tlopatits are conmpetnsat ed hy thle sponlta-
neous1 formnationl of niative donlor deftects. 1'he energy cost to formi the native dleftects wouldl he
offset hy the enlergy gained when electronls are transferred fromi the donor levels of tlie native

defects to the Fermi level (which is near thle valence hanld ill 1-type nlat(-rial ). If the nlat ive

dlonor dlefect levels are near the conduct ion hand edge. thent the energy gainetd by tlectiroll
tratnsfer wotild almost eqlnal the widthI of the hand gap (Fig. 1). (Consequlent ly. hative defect
comIpenisatIion witlould hecollie mlore likely as thle hand gal) is incireased. i- t~p v dWopingl of Z.1 ti'v
an d11(i amond~ woull d he compijensatedI by nativye accepitor de(fec ts thIat t ranisfer thlti r hlos to

lie dotior tlopant s. Trhe appeal of hat ive deftect conmpensationl is its uni11versa lity -- it applies1

to all wide-halid-gap mlat erials, all grow thI mtethiods, alil all llopait s. W\ere the Itativte defetfi

pictutre correct, t here w-oil Idbe lit tl r- oom for opt1imIlism allolit th lid opingl of w (le- 1)111 lgap
mtat erials; com11pensat ion wond h( le a fiin1(1amenltal thlerniodyn amic proce-ss that would1( lie

almlost imopossible to avoidl.
We piresent a thteoretical investigationt of native-defect. comlpentsationl ill ZuSe. Us5ing first -

p~rinlciplels pseud~opotelitials alnd density funictionlal theory, we calcutlate thle total entergits of
all niative point defects in ZnSe. '[he total energies are Ilsed to determinle defect concten-

trationls as a funictioni of the chlemical envrirolnment antI the Ftermti level.- We fin tllthat 01)1v
lmi onlte conicenltrati0o1s of nat ive dtefect s are i ndtuced ill stoiclionieltt ic p- t pe Zn Se. P~oor
cotlltro~l tof st oicli omet ry could lead to Significant concenttrat ionls of com11pt'11s1tin l teft-its -
Sorle of thlese resnillts were ptl hishedl jrevionlsy. [,8 These resnIlts are good news ill thlot tItheY

Mat. Res. Soc. Symp. Proc. Vol. 242. -1992 Materials Research Society
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Coiidstct iol ictirl

Nattivej defect level

tFermi level

Vralence blandt

Figitre 1: Native dlefect complenisat ion iti a l-tyli( semtifondulictor. According to tbli native
dlefect mnech an i smi flatijve donor defectsa are formi ed in witlt-b11ard-gapi semiiconutilortOs. Thei
defects ga in back iii cli of theicir energy of formiat ion byv tranisferri ng elect ronls from i defect
levels near thle coindutct ion band i to thle I-ernii level near thle valence band 'iI he energy gaini
dule toi elect ron t rantsfer can be of ihe ordler of thle liarit-ga p energy.

slow t Iiat it is p ssi ble. ii printc iple, to produtce well -conitl id rg p-I vpe ZnrSe. Buint th eY still
do riot ex plain why. in practice, it is ha rd to mtake p-tyV 1 Zn Se.

ro examointe thIiis qutestiont. we go beyond thle resul ts for native defects l ii uSe an tillea n -

Sine thei behavior of specific dop ing syst emls. W'e st iidy tile dop ing of Vin Se wi th~ Li accep t ors.
ising a formialism thIat applies otir ftirst - prinriciplles calcu lat ions to hothI the riatIivye dlefect s arid
ihe (lolaiat atoms. WithI t liis formal isni we address thIiree pot enitia Iplrob~lems: ( I) cottiperi-

sat ion oif su1bst it utionsaI Li accepitors lby init erst it isl L i donors. (2) formlpenisation liy nat i y
defects ca used bv deviations from stoicli innictry. an (3) thle sol ti bili tv Ii nii sof iJ in riVirSe.(3]

Ou r restilts s how thlit inrrterst it isl L i a rid nat iye defect corpn iisatiott are riot a seriouls tiroh-
emi when grow thI conditit ons are opt imriized. Solbir i lty limritsa. htowever. limniit thle total Li-
concentration to the 10 ts l1ts crn" range.

2. Thermodynamic Formalism

In thIis sect ion we present a tlierriodvrrartic formialism that. ursinig thre restults, of first -
I inti ciplea total -energy calcultriaotis, determitn tes defect arid doparit conicenitratiotis. thle Ferrtii
level, srid doparit soltbihilities. as a firntct tio of thle growthI coniditiorns. Thre conicenrtrat ions
of niatiye defects in a compon I~ d semi con dutctor. and of dopanrta itt anty semti coniduct or. are,
a fiinct ion not only of the serri icondutctiir systemi itself, btut also of thre at Irrot ni ring en vi -
ronmrent. Thre formialisrin provides a quiantitatiye way of dealing Withi these enivironmtenital
effects. Although we apply it, here to tne specific case of Li in ZnrSe. the formnalismt is general
and( can he applied to any doparit and host semiicondurctor.

Thle strength of the formalism is t hat it treats both thIn native point defects arid the
dopa nt a on an equtal footin1g. We will give a p~recise defi nit ion Of tilie forri1taIiOTt energies
for defects ari]d topait s arid show how ft(hey dependl on t he chemnical envtironmienit, ursinrg i.
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do~ipintg of / itSe as a concrete examlt hu. Thle totalI energies of bo0th native a im I dopa titt defects
ar-e c-alcuitlat ed using a sri peicel I approach, using separate calcurlat ions for each charge state
of each dlefect.

While thre total energies of a defect sirpercell can he calculated dhirectly, determtinirng
defect fo ormationi energies is more cormpl1icatedl. Format ion energies depend on Ilie i,,liti ye
abun rdanrce of Zn , Se, and Li atomis iii thre en vironmrrent. These dleperidenices are hanrd led he%
int rodurcinrg t he chermicalI potentials of Zn, Se, and Li: pz... jiSr, and pi j The Zn c heroical

pioteritial is the energy of a reservoir of Zni atonis in equilibrium with thre system. Zn atom
states withI energy mrore than a few kBT below p7,n will he filled. while those more than a
few. kF3T ab~ove ,rz,, will he emp~ty. vThus a high value of p7,, will correspond to a Zn-rich
environment, arid a low value to a Zn-poor environment. Thre forrriatiori energies of thle

nativye dlefect s are also fiinct ions of the Zn arid Se chemical pote(nOtials, For examiiple. r aisinrg
lie Zn chemical potent ial lowers the formation energies; of dlefects thiat '!it rodirce excess Zn

at orns, suich as Zrrj and T',, hre formnat ion energies of Li iornpr ri ties will he a furict ion of thle
Li chiermical Ipoten tialI, as well. For charged] defects, thle forrta tion energy willI also depend
on the Fermi level. E ., wh ichi is thle clierniicas poternt ialI for thre elect roris. It is iminport anlt to

unidierst arni t hat jiz,,, and ps,. are riot inttririsic properties of ZniSe: their values will change as
lie ernvirornmernt changes. Fo, examplle, ZnrSe in equiilibriuirm with Zn metal will have a higher

Iit, tan ZrrSe in equiii or 'rot with bul)k Se. IHowever. p7,. an ni us, are riot inrdiepenrdenrt of one
another: thee-% are constrained by the condition that. in equilibriL1or. their suiro rrrrst equnal
lie total energy of a two-atori unit of perfect 7rrSe E.s L ý~ /I,z. + Itse (We use the total

energy of a perfect ZriSe cell at T =0 K for

Givyen thle cleinrica: potent ialIs, thle formrat ion energy of each nativye de(fe-ct is well deli ned
arid can he (derivedl frorm a sirpercell calciilat ion as follows. Thre total energy. Et,,,( h)i). of thle
V11 defect, D.is cal culated iusinrg a sirpercel I corita ininrg n,~' Zn at orms. n s' So atorms. an i !i .

L~i at onis. The defect forriia tion energy. L,,,(l)).is thlen

E..(D,) =E. 0 1(Dj))- i" - -i`, i's ,! -t' ij,j nrE:

= E(D))-.jil-,, '~ it: F.

I(D)1  FhrDj) - nl'Ez~s,. An, ?1/, - ?1 (2)

w here ii, is thle chiarge state of thle defect, arid Ani, is thre riumb rer of extra Zni at onis t hat
roust he adlded to formi the defect (+ I for Znj and Vs,, -2 for Sez,,. etc.). IHere. we treat liz,,

as air independent variable arid reniove /is, fromt tite expression for jr,( )):alternativel~y.

we con Id treat /is, as inrdepenidenit anrd elimtinnate iz-, lIi t errrs of its formation energy anrd

entropy, 'Sj, each defect's equrilibriumr coniceritration is

where is the site conicerntrat ion for e'acht species, which is 2.2 x 102' crtc3 for ZrrSe. 'Ihle

Ferrmi level is deterrmiined I)y the charge conservatiott condiitionl:

Net charge =0 = p ) - Y? 7 o]D]), )

where 1) arid ri are thIe hole atii electron densities. respectively. [lie charge conservation
eultration provides for an indirect interaction hetween the concentrations of all charged defects
through their irufloenre. ott thle Fermi level. For exarmple, a positively charged defect prolitres

ext ra free e'lect rins t hat raise d ie Ferrmi level; tlie( higher F'errmi level, in tuiirnr, i nc rease's tlie(

cotucent rat ions of all negatively cliarged de'fect s and lowers thit( correert rat ions rif all posit ivel%
ch a rgedl defects. U sinrg thItis prescription, all of thle defect formiation enrergies, an( ridh'rce t hi'i
conicenrtratiotis. [D)1, are unique funrct ions of j'z,,, litj., arti 'I'.
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'I'tie valiue of p1Z,, also del crtinines tilie sI Oich lomet ry parameter, A:

X ',- -2. E An4[D,]
Nse + NV. 2Ne.i(5)

where *V71, anil As-, are the total nunibers of Zn arid Se atomis in tire crystal. X is positive
for Se-rich aind negative for Zn-rich. In this equation, X refers only to the contributions
to [tie Autoic itonliv [iue to ins ii . point, defects,. Devia t(ills front sI oiili oiOiaN !4,i

higher dimensional defects, such as surfaces, are riot included. Also. dopanit atonis do not
contribute to X, (i.e., a suibstituiijonial dopatit atomn is counted as if it were tire same species
ats thle native atomn that it replaces) because thle process of subst itutring a uhopant (toes niot

necessarily create any ntiatve (tefects. Ittis definition of X mieants that tbe value' of thte
stoicltioniet ry parameter mteastured in extperinment will differ from X as (teflliedl here if thre
formter is dominiated by anything othter thiatt the nat ive defects.

T[le formalisnm thtus far provides its with iniformnationi about the Fermni level aitd tire

cocnrationis of bothlinative alid dopant defects. Thermodynamicsalopvielmtso
the allowed %,allies of tire chemnical potentials. These. limits determine the sottntilitv of tie
dopan itn thle host semicoridutct or.[!)] The li mit s exist because t wo phiases of thle same nitat enat

canl exist in equiliblriuitnm only if thle cheietcal pot emitialI is thle same int both phtilases. Thtus,
rin equiiiibriurmt, /iZn titust be thle sitmte iii bth~ Ithtle Zn Se aind ttire externtal Zil Soiurce. The

chietmical poitenttial of the externial Zn source. however, call never eXCeed [tile free energy Of
bul1k Zni met at. p hilk; if it dirt, the ext ernat source would be un lst able against thle format ion of
Zn Iiet at. Th'lus, /,7 < llifk. Silnitiarl%,. thle limit for the Se chemnical potenitial is /sI,
As atlready mtentitonedt. we Itave thte add itionala con stra inlt t hat

/17, ue -1,11 S,1k + Allf(ZTISe), (6)

where A llf (ZmtSe) is t lie heat oif formiation of ZitSe (All1 is negative for a stable compotuilnd).
Comb tining th Ilese thIiree condrtitons sets th lie imiiits fort tire atlhowedt ranige of 117,,:

,qjj= ll,dik + nu' ujf(ISe) :S 17. < 11x ,,,Ik. (7)

The same a rgumen ts tprovidei anr tipper boiundr for thle Li chuemnical potenutial: jij~ S Jill",xt
(Sinrce ZntSe call exist in a Li -free en virotnment, Iihere is lio lower liounld to~ t he L.i potentitiat.)
Htowever, a more stringent tipper boundir for pu~ is found by takitng inito account alt possible
cootpoitunds t Itat. cont a in L.i with Iteit her Zut or Se (or hot Ii). [91 Thel( actuiat riipper bou1nih is (fhtie

to ttire comitpo und I.i 2Se. whitclh leads to tlire cottd(it ion

2
/iij + lis, 5 Iiii 2se L.~t + Sit+lj(iS)

'Tlis cond~itioni on thle Li chienmiral potentital liimits the Iinaxitniuml Li -onicenttrat ion ii ZitSe
because it provides a minimum value for the Li ulopant formation energy in Eq. (3). Phyvs-
teal ly, Itis solub i lityvI limiit occiurs becaumse thle confhigitrat ionla entropy for Li i mpuritiles itt

ZtuSe dlependts oitt the ttnumber of Li atottts already present in tire cr"stal as the total nutmbler
rif L.i atottms itt t te cryst at i ncreases frotti nt to uri + 1, tire niltiumer of ways l to dist ribt l fiittb

Liat itts over N sites decreases. This contfigiurational entiIropy is 11o1 intclutded imi S, dtefinted

tpreviously. (See Ref. [t01 for a fuller itiscuission of the configurational emntropy atid [how it c-ati
be uised to derive Eq. (3).) Consequent ly. thle total free entergy, inclIuldintg tlire coltfigu rationual

ent ropy change, for addhing olie muore Li atorn to thte crystal decreases as the Li conicenttrationt

increases. By cont rast, the free eniergy of add intg omil( tmore unnit Of Li2 Se is inidependhent Of
thue attoiunt oif hi 2 Se already present (ignoritng surface effects). Whten thle total free entergy
of adlditug otte- more Li atolo to the ZnSe cryst at exceeds thre free eniergy' to formn L~i2Se, l'i.25e
wilt formn insteadl anui the solunbility litiit is reached.
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3. Methods

In this section we describe the theoretical methods used to calculate total energies. First,
a word of caution: although the defect formation energies calculated here are accurate,
with error bars - 0.1 eV, the defect concentrations derived from them do not attain the
same level of accuracy. Because the concentrations depend exponentially on the energies,

a 0.1 eV uncertainty in the latter becomes a seven-fold multiplicative factor in the fornmer.
This iilic:jrt 1rrritaticun means that our :csultb should be viewed noL as prcic oLiwrCAl
predictions, but as predictions of the important physical processes and trends.

Our calculations use density-functional theory in the local-density approximation (LDA)
and norm-conserving pseudopotentials.[l 1, 12] Supercells, corresponding to 32 atonms of pure
ZnSe. are used to represent the defects. These methods, combined with a plane-wave basis
set. have been used very successfirly in the past for studies of defects in Si and other
semiconductors. The Il-VI materials, however, present a problem for these methods: zinc

contains a tightly bound set. of 3d electrons that cannot be easily represented by a plane-wave
basis set. These d electrons may be treated as core states of the pseudopotential, but this

results in a very poor description of ZnSe. For example, the lattice constant calculated with

a d-in- the-core" pseudopotential is 5.19 A compl)ared wit h the experimental lattice conistan t
of 5.67 A.

To treat the d electrons as valence states, we use an all-new mnixed-basis program, which
combines localized fiinctions with the plane waves. The programn was carefully optimized.
allowing defect calculations in large supercells. We use the Zn 3d pseudo-wave functions as

the localized basis functions. and include all plaie waves up to a kinetic energy cutoff of
9I Ry. (The eigenvalue l)roblem was solved using an iterative diagonalization scheme.[133)
For our calculations involving Li. we inmplemented a nonlinear-core correction to the Li
pseudopotentiai.[I 4) These methods provide a good description of the lattice constant, bulk
modulus, and transverse optical phonon frequency of ZnSe (and other materials). (onver-
gence tests were perforrnied for supercell size. the basis set and other calculational paraimeters.
assuring that our results are well-converged.

l)ensity-functional theory used with the LDA consistently predicts band gaps that are

too small compared with experiment. For ZnSe, our calculated band-gap is about I eV. This
band-gap error will affect formation energies of defects that have occupied elect ron states in

the banil gap. The band-gap error will not affect our results for p-type Trautrial, where the
Fermi level is near the valence band edge, because defect states in the gap will be emp~ty
and will not contribute to the total energy of the defect.

We use these methods to calculate the forniation energies of all native point defects in
ZnSe: two types of interstitials (Zn, and Set). two types of vacancies (V7, and Vs,.). and
two types of antisites (Zns, and Sez,,). In addition, we calculate the formation energies of

Li impurities on the substitutional zinc site (Liz,) and at five ditferent interstitial Sites (Li ).

Of the interstitial sites we examine(d, the tetrahedral site surrounded bv four Se atonrs has
the lowest energy, and we include only this site when referring to interstitial LIi. The total

energy of each defect was calculated in each relevant charge state, excie-t for tIre neutral

Liz,_ which contains a hole in a shallow level. (This level urierges with thre valence band in
our finite supercell calculation.) The formation energy for the neutral Liz,, is derived from
the (calch lated val ie of Liz,, in the -I charge state, and the experimental transition level of

114 HieV.
The formation energy of a defect may be lowered by thre relaxation of nearby host atonrs

from their perfect crystal sites. We calculate relaxation energies explicitly for the dominant

native defects in t-ylue ZnSe, and for the substitutional anid interstitial ILi defects. For

iiterstit ial defects, we relax the first and second nearest-neighbor at ornis and also the fourt h
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nearest neighbors that are bonded directly to thire first nearest neighbors. For sib~l it ut on al
defects we relax the first nearest neighbors. All of these relaxations are small: tihe largest
relaxation that we found was 0.2 A with a relaxation energy of 0.6 eV. For the remaining
defects, we assume a relaxation energy of I e\"; our conclusions remain unchanged even if
we allow a 2 eV relaxation energy.

Defect concentrations will also depend on the formation entropy of the defect. In our
work we allow a range of 0-10 ki for the defect formation entropies. By comparii.on. a ,iteenrt
accurate calculation[15, 16] for the Si self-interstitial found a formation entropy of 5-6 kH for
the ground state. The Si self-interstitial represents an extreme case in that the ground-state
configuration has low symmetry, which accounts for half of the formation entropy. It is
therefore highly unlikely that the entropies for native defects in ZnSe could be larger than
10 kB. The results are presented here assuming an entropy of 5 kn.

We use the same theoretical techniques to calculate the energies of the bulk solid phases
of ZnSe, Zn, Se, Li and LiU2 Se. We calculate tire heat of formation for ZnSe as -1.39 eV.
while tire experimental value is -1.69 eV.[17] For Li2Se we find -4.12 eV", compared to the
experimental value of -3.96 eV.[l 7] The deviations are in line with the expected accuracy
of the methods and are comparable to those found in other local-density calculations. (Note
that the heats of formation are energy differences between solid phases. Cohesive energies.
by contrast, are energy differences between isolated atoms and the solid phase. Since the
LDA gives worse predictions for the total energies of individual atoms, calculated cohesive
energies contain systematic errors which do riot occur for heats of formation.) Throughout
this work, we will use the theoretical values for tihe heats of formation.

4. Native Defects

Ih this section we will answer thre question, "I)o native defects automatically compensate
acceptor doping of ZnSe?". The native defect inechanisru is by its very nature generic: it

claimns that compensation occurs whenever the Ferrii level is brought close enough to tlie
valence band edge, irrespective of tire doparit. To test this idea. we picture a ZnSe crystal
doped with an "ideal" acceptor, by which we mean an acceptor that fixes the Ferrni level
without changing the crystal in any other way. (In tlie next section we will examine a real
acceptor in ZnSe.) As discussed in Sect ion 2, the external parameters that determine native
defect concentrat ions are the temperature, T, the Zn chemical potential. p7z_. and tire Ferrii
level, E,. Throughouit this article, we will use T = 600 K, tire typical temperature for MBiE
growth of ZnSe. We will rise our "ideal" dopant to fix the Fermi level at 0.13 eV above tlie
valence band maximum, corresponding to a net hole concentration of p = 2.9 x l0is cui-:3.
Ilaving fixed the temperature and hole concentration in our ideal samrple, there is only one
external parameter that is still undetermined: the zinc chernical potential. z,, which is
deternined by the growth environment. (As discussed in Section 2, we could equally well
rise Is, as the independent parameter instead of pz,. since the two chenical potentials are
constrained by Ezs, = IiZ, +r +S-.)

Figure 2 shows tIhe concentrations of electrons pro(huced by all native defects iii p-tylpe
ZnSe, as a function of jzn- In tire figure py7 spans its thermodynamically allowed range
from ZnSe in equilibrium with bulk Se on the left, to ZnSe in equilibrium with bulk Zn
on the right (Eq. 7). The stoiciionietry parameter, X, is determined by P,' (Eq. 5). In
Fig. 2, p7,. = 'n,, corresponds to perfect stoichiornetry; all points to the left are Se-rich,
and those to the right are Zn-rich. We \see that for perfect stoichioret ry the concentrations
of native defects is negligibly small 10" times smaller than the hole concentration p. For
material grown at temperatures higher than 600 K, excess native defects will recombine
during cooling, unless the sample is rapidly quenched. (Native defects in ZnSe remain mobile
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Figure 2: Concentration of electrons produced by all native point defects in p-type ZnSe.
with p - 2.9 x 10"s cm-3 and T = 600 K. Concentrations are shown as a function of the
chemical potential jz. over its thermodynamically allowed range. The lower limit of uz.
left-hand axis) corresponds to ZnSe in equilibrium with bulk Se. the upper limit (right-
hand axisý to ZnSe in equilibrium with bulk Zn. The point labelled )ul corresponds to
perfectly stoichiometric ZnSe: points to the left are Se-rich, to the right Zn-rich. Se•. is the
dominant defect on the Se-rich side, and Zn•t on the Zn-rich side.

even at temperatures of 400 K,1181 so that kinetic barriers do not prevent the attainment of
thermal equilibrium.)

Native defect concentrations start to increase as AzL deviates from ',, with Se. the
dominant defect for Aiz, < pn, and Zn'- the dominant defect for hiz. > j. It is clear from
the figure that native defect compensation can only occur for extreme values of ;Az, near
the linit where either bulk Zn or bulk Se are formed in the sample. For these extreme cases.
the level of compensation by native defects is 20% for pz" and 70% for /iz. (To keep p at
2.9 x 10'a, the ionized acceptor concentration must be increased to 3.6 x 10" for pZnm. and
to 9.7 x 1018 for Mz'".) Using Eq. (5), we find that the deviation from stoichiometry due to
native defects is X= -_ x 10' for zu", and X = -8 x 10' for p .

These results show clearly that compensation by native defects is not an intrinsic problem
for p-type ZnSe. For stoichiometric material native defect concentrations are truly negligible:
even when deviations from perfect stoichiometry occur, the level of native-defect compen-
sation is less than 3% over more than 80% of the allowed range of the chemical potential.
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Ftinther inrsighit into tlie relatioinshi p b~etwxeen thle wvidtih of tilie hanrd gap) anrd niat i e- defc(
comiiipensation ca ni be gained by comipa ni rig the energies of the na ti xedrefects iii ZnSe ( EI" =.6
e'V) and in Ga As (E =~ 1.35 eVN). Z/ha og anil North rup 19)] recent ly calcuifat ed thle formaion
ene'rgies of nat ive defects in Ga As, usinrg similfar thleoret ical technriiqules to those iisedl here.

T[heir calculiiated formation energies for thle dominant nat ive (defects iii p-type Ga As, w it
ihe Fermi level at thle valfence band ii axinirni i (first panel of Fig.- 2 iii Ref. [0]), a re -0.25

(A' for As' . iii the As-rich limiit, arid( 0.55evV for Ga~i` in the Ga-rich limrit. Our own resuilts
for ptypeZn~eare .57 V fo Se inte Se-rich limit, arid 0.15 eV for Zni+ iii thle Zni-rich

lirimi t. Th'le niativye dlefect forrmat ion energies are no greater ii ZriSe t hani thley' are in GaAs.
\\,v conclude that a xwider hand gap) (foes not imply more native defects. Also, sinice (;aAs

r-ai he dopeid p- t pe wit hou t cormpen sat ion by thle niat ive defects, t he sa roe shouifld be t rue

for ZruSC.

5. Li in ZnSe

Having eliminated natixe defects as a gereric source of compensat ion in wide band-gap
rusterialIs, it is fruit fiil to( iden t i WfyO p bferns associ aterd wit h specific dopanus. We will now

examiine the case of acceptor doping of ZiuSe with Liz_, Recent ly. significant pirogress lois
been made with i ~ doping of Z iiSe. but the iiiaxiiuini hofe curiceritrat inn at tainred to d ate
is a few tisles 10 17 cni-3. [20] It is uriclfear what ma kes Li dopinrg so dif Ificuli t.

WVe examine thle issue of Li doping uising the formalism of Sect ion 2 andf thle calculatedl
format ion energies for the native (defects arid for iriterst itial ariu siibstitutionral Li. Thle
forrn-afisrn automuaticafly' includes aif possible defect reactions betxxeeri Ui and thle natixve

dlefects, Furthermore, it inclidres thle effects of the relative abundance of Zii arid Se atomis
arir thle sofuibilitv limit Li. The iresuilts for Li arid for ot her acceptors in /.rSe are discuissed

in more detail elsewhlere.[2 I]
Ini thle prex'iouis sect ion , which dealt withl thle native dlefec ts alone. tilie two ind uepuendent

parameters were ,ui,, aril( F',>. InI this sectionr, where thle presence of lie L~i dopants is
conisideredl explicitly, F',> is no longer an independent piaramreter because it is dleterriinred

by the charge cornserv'ation conidit ion (Eq. Il). Fermi level effects arce still imiportarnt because

they' allow the chargedi native defects arid( Li impurities to affect one ariothlen through their
ni ritual effect on EF,. AlIthounghi wc havxe now eli mi naterd Ep. as aril inrdep endueri vxaria ble. wue
riiist introduce the Li chemical potential. pi~, as a new second variahle. Wh~en applying i lie
forrmalism to L~i in ZriSe. we provide as input thle vallues of E( Dj) for all of the nat ive idefects
amifl Ili(e Li impuirities. arid thle relevanit range of liz,, and pirA- fin ret urn rye-get the formiat ion
energies ailn concentrations of each dlefect arid the Fertini level, each as a two-dirrernsiornal
function of the chienical piotentials. Since a vast ariiornrt of iniforrmation is produliceid. we
pireserit only thle most reflevarit quanartities.

I ri Fig. 3(a) anrd (1)), we display coritouir plots of thle total Li corncent rat ion,. [LI.. anrd
the Fernii level. [Li] increases with increasing plii because it is more faxorable for thre hiJ to
dissolve iii tire semicorudini~or as thre energy (if the Li reservoir rises. Also, [l~i7_[ increases
with dccccasirug p7y,_, which is the energy of the reservoir to which Znr atorris are rermoxed in
order to accormrmodlate thle Li. TIhe con cent rat ion of Li, oil.o thIe oither hiandi . doies riot dependr
expilicitlfy Onl 117_, Therefore, for high p17,, (Zn-rich envimronmrrnrt ) ILij is favored relative to
Liz_, Tlie presence of compensatinig Liji raises EF. in tire upper part oftilie figure. an]mirrakes
lie material semi-i minsirat inrg. C onmpenisatiori by) Li1 catr be avoided by lowerinrg p-1,_. whrichi

favors hiJ7, over Li1. Burt if pzn is lowered too far, tile coriceritrat ion of coriperisatitng Sel'
begins to inrcrease. TIhiis is why thre Fernii level corntorirs bend back at t he bott onir of Fig. 3l(bI).
It is on ly for thiese very low valures of jRz, t hat thre nat ive defects play an rimipo rt anrt role.
Cornpanring to Fig. 2, we see t hrat thle nrat ive defect con cent rat ion onl bvIecorries sigri ifica nt



319

'/ / / , // ' *

S/ I

/ 7 / 7/ ,

I / / /

* , / // / ,

// // .
r1 / // /

t//

m~ax

(b) -

Figure 3: The behavior of Li in ZnSe at 600 K. Results are in the form of contour plots
as a function of the Li and Zn chemical potentials, lz. and At.i. Part (a) shows contour
lines for togio[Lij, where [Lii is the total Li concentration (cm-'), including both Liz, and
Lii. Part (b) shows the Fermi level contours in units of eV, measured from the valence band
maximum. The two solid horizontal lines are the thermodynamic limits of j.za due to bulk
Zn (j4--) and bulk Se (puz"). The solid slanted line is the limit of /Li due to Li2 Se.



320

when 117. reaches its thiermiodyniamiic limit p .( Figure 2 also shows t hat native defect
conicenitrat ions will he large for pi7_ near p"' hiis, however,* applies on ly w hen F..is nevar

lie b~andl edge: in Fig. :3 Ep- is far fromt the valence han(1 near p7., C i~'on sequent Iy
the native dlefects are not important when pz.' is high in ZniSe:iJ.) We canl therefore expect
a smnall amount of compensation due to niative defects near the pji"" line iii the figure. lliis
comptensation is not anl effect of the native defects t hemselves, but instead occurs becauise
the Zn chemical potential most he reduced so as to increase [Liz~] and decrease [I~i]. If we

coul d find a dopanit that coiid br e inicorporatedl withlout hav ing to push p,,, to its ext remie
values, thlen the native defects would not appear at all.

Figuire 3 also shows the t hermodynia mic limint s of the chen~i cal potentialIs p i,, an rid p

(Eqs. 7 and 8). 'Thlese boiinds nicani t Iiat the Li sol ubility i mit iii ZnuSe is a few t inties 10Ui
cln`~. TIhe lowest value of L', (miost effec t p-type doping) is ahout 0.1:3 eV. and occurs near
the point label led ji' iii Fig. :3. Iii t Iiis region there is a sina II concenutration of int erst itialI
Li and compensating nativec defects. IBut (loping limnuts imoplosedl by init erst itia IL -i or niat ive
dlefect s -alr lie avoided; it is solubiili ity t ha t presents the most st ri ngenut limnut to i d opiung.

6. Summary

In conuclursioni, we have shown t hat native defects alone canntot he resporuilile foir diffi-
ciulties in dloping ZrnSe. Native defect concenutrat ions in M 13E-growru stoichioiiietric ZiuSe are
too low to compensate. Deviations fromt stoicuionmet rv in ZriSe call produice large nruhbers
of native defects which. however, is also t rue for GaAs. Therefore native defects prodluced bi%
dleviationis fromn stoichiomet rv cannot expilaini why it is so hard to dope ZiuSe p-type. Hlavinug

elimniinat ed native (defect s as thle sonurce o~f dopinrg piroblemis in Zn Se. we examiinre spec ific
(Ilpanit, systemis. D~opiniig proib6lerms for Li acceptors itr, ZnrSe are caused hv bml iteu solubiili ts
of Li ill ZnSe.

W~e have greatly henefitedm fronti collaborat ions wvithI G.F. Neum rark arid] S.AI. Panlt (lidles.
We are very grateful to P. 13l6clrl for uratr fruitfuil suggest ions, arid for mnaking his uripuh-
lishied work availahle to irs. We are inrdebted to 1). Vanderhilt for his iterative diagorializat ion

p~rogram. We acknowledge hrelpfulh con versat.ions with It. Blliargava. J.1M. lDeI~iuyt. I. M~ar-

L shall, J1. Tersoff. and C.D. Watkins.
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THEORY OF DOPING OF DIAMOND

J. Bernholc, S. A. Kajihara, and A. Antonelli'
Department of Physics, North Carolina State University
Raleigh, NC 27695-8202

ABSTRACT

Electronic applications of diamond require control over native defects as well
as the ability to dope it p- and n-type. B is an excellent p-type dopant, but :i-type
doping has proven very difficult. Di~miond films have also been very difficult to
anneal, indicating a high activation energy for self-diffusion. We have investigated
the properties of native defects and impurities through large-scale band structure
and Car-Parrinello calculations. We indeed find that the activation energy for self-
diffusion is very high in the intrinsic material, but it decreases by as much as 3 eV
in either p- or n-type material. P, Li. ýtnd Na are shallow donors, but their solubili-
ties are too low for incorporation into diamond through in-diffusion, It is energeti-
cally favorable for B and N to dissolve in diamond, which explains their prevalence
in natural diamond. The calculations explain for the first time the reasons for the
distortion of atoms around N from the fully tetrahedral site, as well as why N is a
deep rather than a shallow donor We also consider the effects of simultaneous
doping with N and B on the thennodynamic equilibrium between diamond and
graphite.

INTRODUCTION

The electronic and optical properties of diamond are determined to a large
extent by the number and types of impurities and defects present in tile film. For
example, shallow impurities control the majority carrier densities and make it dis-
play n- or p-type conductivity. D)eep inmpurities, i.e., impurities whose energy lev-
els are far from the conduction and valence band edges, do not detennine the car-
rier density, since their electrons or holes cannot be thermally promoted at room
temperature. However, both deep impurities and native defects act as recombina-
tion or deep trapping centers, as well as light absorbers. Native defects also govern
diffusion and material transport in semicondtlctors. If tho formation energies of na-

"Present address: Department of Physics, Virginia Commoniweahh University,
Richmond, VA 23284.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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tive defects are large, diffusion is slow and annealing is verN difficult. This is the
case for diamond (see below).

Impurities in diamond have not yet been wlIl characterized. The experimental
data are sparse III and the only impurities that have been studied at substantial
length are boron and nitrogen. Boron is a p-type dopant with an energy level at
Eval + 370 meV. Both natural and synthetic p-type diamond exists, and boron-
doped p-type thin films have also been made. Ilowever, the making of n-type dia-
mond is much moxe difficult. Nitrogen, which is a common impurity in diamond,
introduces a deep level 1.7 eV below the bottom of the conduction bands. This is
very unexpected, becaUse an impurity atom having one more electron than the host
atom should be a shallow donor (cf. P in Si). Despite a number of theoretical stud-
ies of the properties of N in diamond, the atomic distortions around the N center
have not been explained.

The only reports of successful n-type doping of diamond to date 12. 3] in-
volved ion implantation of Li int(, bulk diamond. Due to the damage caused by the
implantation, the quality of the resuhting material was relatively poor. Furthernore.
most of the n-type conductivity was lost after prolonged annealing [41. However,
Li is the only proven shallow donor in diamond. Since it is an interstitial dopant, it
is believed to be a fast diffuser that may need stabilization in high temperature ap-
plications by, e.g., complexing.

Although N is a deep donor. its encrgy level is still - 4 eV above the top of the
valence band of diamiond. A N+ - B pair should thus be bonded by a substantial
amount. Since both N and B are highly soluble in diamnond (see below), simultane-
ous doping with N and B could potentially be used to stabilize the diamond phase.
We investigate the effects of this doping on the thermodynamic balance between
diamond and graphite below.

CALCULATIONS

The calculations use the plane v, ave pseudopotential method. The native de-
fects and the impurities were embedded in a periodically repeated supercell. Both
symmetrized band structure codes and the Car-Parrinello method [51 were used.
Calculations with relatively low plane wave cuLtoffs w ere possible because of a
previously developed soft-core pseudopotential for carbon. In the band structure
calculations the supercell size corresponded to 32 atoms. Plane waves up to 14 Ry
were included directly, while plane w% aves up to 26 Ry sere included through per-
turbation theory. Two special k-points iM the irreducible part of the Brillouin zone
were used for k-space summations. The details of the band structure calculations
for the native defects are described in Ref. 6.
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Table I. Calculated formation energies of neutral point defects and the saddle
point energy for the concerted exchange in diamond I eV].

vacancy tetrahedral <100> split- bond-centered concerted
interstitial interstitial interstitial exchange

7.2 23.6 16.7 15.8 13.2

The Car-Parrinello calculations for isolated impurities were carried out in a
64-atom unit cell. N, Li, Na, and P were considered. The plane wave cutoff was 26
Ry, except for the case of N, where 30 Ry were used. Due to the size of the cell
only the F point was used. A test for N that utilized the Baldereschi point resulted
in a change in the relaxation energy of only 0.1 eV, compared to the F point case
(see below). For N, Li, and Na, all atoms were relaxed using ab initio forces. For
substitutional P, radial relaxations were computed for the nearest neighbors, while
the relaxations of the more distant neiehbors were obtained employing a Keating
force field. The details of the calculations are described in Ref. 171.

Because diamond has a relatively small lattice spacing, the non-local parts of
the standard Bachelet-Hamann-Schlfiter pscudopotentials for Li and Na 19, 91
overlap the bonding region in the diamond lattice. Special, harder pseudopotentials
were constructed and it was verified that the results were insensitive to variations
in the matching radii of those potentials.

In calculating the formation energies, we have used the computed cohesive
energy of diamond 161 and the experimental bulk cohesive energies for the impuri-
ties. The solubility of an impurity at a given site is related to the fomiation energy
by the Boltzmann factor, i.e. Solubility = Cone. x exp(-Ef/kT) 1101, where Cone. is
the concentration of the site per unit volume.

The calculations involving comparisons between diamond and graphite uti-
lized 64- and 48-atom unit cells for diamuond and graphite. respectively. All atoms
in the supercells were fully relaxed by ah initio forces. In order to increase the ac-
curacy of the comparison we used a slightly harder pseudopotential for diamond.
which was previously used in the studies of buckyballs [ I 1. The plane wave cutoff
was 35 Ry for both diamond and graphite.

NATIVE DEFECTS AND SELF-D)IFFUSION IN' DIAMOND

The energies of the various neutral native defects and the activation energy of
the concerted exchange mechanism are quoted in Table I. Clearly, the contributions
of other diffusion mechanisms should be negligible under equilibrium conditions.
In particular, the formation energies of self-interstitials are very high. This is due to
the lack of d-orbitals in diamond (which makes overcoordination unfavorable),
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high electronic density, and a large band gap. In the case of the tetrahedral intersti-
tial, which has a doubly occupied level near the bottom of the conduction bands,
the formation energy is particularly high. The energies of interstitial impurities are
high for similar reasons.

The migration energy
of the vacancy is substantial
and ranges from 1.7 to 1.9

2- eV, depending on its charge
-+ state [61. The activation

to- •energy for self-diffusion,
z• ' which is the sum of the

"z •formation and migration
P-_ energy, is 9.1 eV in intrinsic
< diamond. However, p- or n-

4. 4type doping lowers the
U. formation energy of the

2- vacancy by about 3 eV (see1i2 3 4 I )
FERMI LEVEL (eV) ". thereby leading to

enhanced self-diffusion and
Fig. I. The formation energy of the carbon vacancy vacancy-assisted impurity
in diamond in its various charge states as a funC- diffusion. It was predicted
tion of the Fermi level. 161 that doping during

growth should thus lead to
better annealing of defect structures due to the lowering of the self-diffusion
activation energies. This effect was subsequently observed in growth of B-doped
thin films on non-diamond [121 and natural diamond substrates I131. However, the
observed enhancement could also be due to an increase in surface diffusivity upon
doping, or to surface reactions involving B.

DONOR IMPURITIES

In the present work, P, Li and Na are considered as potential shallow dopants.
Since the position of the impurity is critical for its doping action, we have carried
out total energy calculations of the impurities at substitutional and interstitial sites.
As expected, P prefers the substitutional site whereas Li and Na prefer interstitial
positions.

For P, which is larger than C, the nearest neighbors relax radially outward by
0.15 A, but the carbon-phosphorus bond length is still substantially smaller than
the sum of the C and P covalent radii. This is a consequence of the stiffness of the
diamond lattice. The P level is shallov,, -0.2 eV below the bottom of the conduc-
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tion band. Substitutional P would thus be a good candidate for a shallow donor.
However, the calculated formation energy of P, defined as the energy of the P atom
in diamond with respect to C and P bulk reservoirs, is 10.4 eV. The equilibrium
solubility of P in diamond is thus very low even at high temperatures.

Both Li and Na prefer the tetrahedral interstitial site over the hexagonal inter-
stitial site and are indeed shallow dopants, with their donor levels at -0.1 and -0.3
eV below the conduction band minimum. The nearest neighbor radial relaxations at
both the tetrahedral and hexagonal sites are outwards and are of course dependent
on the size of the dopant atom. At the tetrahedral site they are 0.05 and 0.19 A for
Li and Na, respectively. At the hexagonal site the relaxations are 0.06 and 0.26 A.
The formation energies at the tetrahedral site are 5.5 and 15.3 eV, measured with
respect to experimental cohesive energies of bulk Li and Na. Since the relative sol-
ubility is given by exp(-Er/kT), the solubilities of the shallow interstitial dopants
are very low as well.

Three methods are commonly used to incorporate impurities in semiconduc-
tors: in-diffusion, doping during growth, and ion implantation. In cases where the
formation energy is small, high temperature in-diffusion is often a very convenient
alternative. However, due to the very low solubilities of P, Li, and Na, in-diffusion
would result in a negligible concentration of dopants. It' doping during growth is
selected, the impurities will have to be kinetically trapped in diamond, since their
energies of formation are very high. The successful doping with B during growth
of diamond films by a number of w orkers is due to the fact that the formation en-
ergy of the B substitutional acceptor in diamond is negative (see Table II), which
provides a thermodynamic force for its incorporation.

Ion implantation is a particularly viable alternative for impurities with high
formation energies. In diamond, ion implantation of impurities has been studied by
a number of workers (see, e.g., Ref. 2 and 3). In fact, the only n-type diamond
samples to date were made by ion implantation of Li into natural diamond [2].
Further studies of ion implantation were carried out by Braunstein and Kalish [3],
who investigated ion implantation of 121Sb, 7-Ge, 31p, 12C, and 6Li into hot dia-
mond and found only small variations in ion implantation damage caused by heavy

Table II. Calculated fomaation energies of neutral impurities in diamond measured
relative to the respective bulk reservoirs (diamond and bulk impurities).

boron -0.5 eV
nitrogen -0.6 eV
phosphorus 10.4 eV
lithium 5.5 eV
sodium 15.3 eV
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and light atoms. More recently. Prins 114] and Sandhu, Swanson, and Chu 115],
showed that ion implantation at liquid nitrogen temperature followed by annealing
has substantial advantages, because the mobile C self-interstitials are trapped dur-
ing implantation and do not escape to the surface. The annealed samples turned out
to have much better electrical characteristics than the ones implanted at room or el-
evated temperatures. So far, only ion implantation of B has been successfully
achieved, resulting in a p-type diamond. However, in order to provide lattice sites
for the substitutional B acceptor, it was necessary also to co-implant C. For
interstitial dopants the last step should not be needed, which should lead to less
implantation damage. Since Li and Na prefer the interstitial site by a substantial
energetic margin, they would not compete with C atoms displaced during the
implantation for the vacant substitutional sites. Subsequent annealing should thus
result in a better quality material.

The mechanism of impurity diffusion is also important in the consideration of
prospective dopants, since diffusion of the impurity to the surface or complexing
with structural defects leads to inactivation. For substitutional impurities, Table I
suggests that the their diffusion will be dominated by the vacancy mechanism.
Since the formation energy of the vacancy varies between 4 and 7 eV (depending
on the Fermi level position), and its migration energy is 1.7-1.9 eV. the vacancy-
assisted diffusion will have a high activation energy and substitutional impurities
should remain stationary even at high temperatures. I lowever. if growth and/or
processing of diamond results in injection of vacancies, the activation energy be-
comes equal to the migration energy. If the substitutional impurity has a high for-
mation energy, segregation is energetically favorable and may occur if vacancies
are injected at a high temperature.

The simplest mechanism for the diffusion of interstitial impurities involves
jumps between adjacent tetrahedral sites, the saddle point for the motion being the
hexagonal site. We carried out studies of this path for both Li and Na. Total energy
calculations, which included relaxation of all atoms in the cell at both the tetrahe-
dral and the hexagonal interstitial sites, predict 0.85 and 1.4 eV for the activation
energies for Li and Na diffusion, respectively. The low activation energy for Li is
in agreement with experimental data 141, since Li-doped samples become deacti-
vated after prolonged annealing. Na, however, has a substantially larger activation
energy and should be immobile up to moderate temperatures. It is therefore more
suitable than Li for n-type doping of diamond. I lowever. due to the high formation
energy of the Na interstitial, Na will have to be introduced into diamond by ion
implantation or possibly kinetically trapped during growth.
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A -25%

Fig. 2. a) A schematic model of the origin of the distortions around N in
diamond. b) Contour plot of the N lone pair state. c) Contour plot of the
gap state associated with N in diamond. See text.

NITROGEN IN DIAMOND

Nitrogen is known from EPR data to distort in the ( I , I , I ) direction. This
distortion was first thought to be a result of a Jahn-Teller effect 117, 18, 19] but
later work has shown that the state in the gap is non-degenerate 120]. Furthermore,
recent cluster calculations 1211 revealed that the ideal substitutional N is stable
against the displacements of only the N atom in the ( I , I , I ) direction, showing

that N motion is due to a more complicated effect.

Our calculations were started assuming a simple zeroih-order model shown in
fig. 2a. The figure shows the N atom fonning three bonds with its nearest-neighbor
C atoms. This results in the N lone pair state being directed towards the fourth
nearest-neighbor C atom. Since the lone pair state is fully occupied and the dan-
gling bond contains one electron, the Pauli repulsion results in both the N atom and
the (11) C atom moving away from each other.

Car-Parrinello calculations starting from this geometry and utilizing first-prin-
ciples forces indeed converge to a distorted geometry in which the C - N distance
has been lengthened by 25 ck. However, Table Ill shows that the radial relaxations
and the motion of other atoms are also important, and that both effects contribute
an approximately equal amount to the total gain in energy, which is 0.76 eV. The
calculated bond lengthening is in good agreement with the values deduced from the
EPR data, which range between 10 and 36 1/.

One should note that the calculated distortion is somewhat similar to the one
attributed to the EL2 center in GaAs 1221. For FA,2. however, the distorted configu-
ration is metastable and is accessible only following an electronic excitation. For N
in diamond, on the other hand, the distorted state is the ground state. Furthermore.
our search utilizing equal but opposite displacements of the N and the (I I ) C
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atom did not find any barriers separating the distorted and the undistorted configu-
rations.

In fig. 2b we show the contour plot of the lone pair orbital, which is very near
the top of the valence bands and therefore contains a substantial admixture of va-
lence band states. The gap state (fig. 2c), which is occupied by one electron, is an
antibonding combination of the lone pair orbital and the carbon dangling bond. It
has most of its amplitude on the carbon atom, which is in very good agreement
with EPR data. The energy level of this state has dropped from Ec - 0.7 eV for
undistorted substitutional N to Ec - 1.5 eV. The experimentally measured level as-
sociated with N in diamond is at Ec - 1.7 eV 1231.

N - B PAIRS IN DIAMOND AND GRAPHITE

Electron transfer between N and B in diamond releases several eV of energy.
Since both N and B have negative formation energies in the dilute limit, heavy
doping and possibly even alloying are feasible. This raises a prospect of altering
the thermodynamic balance between diamond and graphite by simultaneous doping
with nitrogen and boron, since the energetic difference between the two phases is
only 0.02 eV per atom. This idea is distantly related to that of Bar-Yam and
Moustakas [24], who propose that low pressure growth of thin film diamond is due
to a large, non-equilibrium concentration of vacancies, which have a lower forma-
tion energy in diamond than in graphite [cf. 6 and 251.

We have carried out calculations for both distant N-B pairs (as far apart as
possible given the size of the supercell) and nearest neighbor pairs. Although one
could co isider very distit pairs by computing separately the formation energies of
N+ and B-, we chose not to do so. since the treatment of charged states in periodic
systems involves additional approximations due to the infinite range of the
Coulomb potential. For diamond, the fornation energies of the distant and nearest
neighbor pairs are calculated to be -4.0 and -5.3 eV, respectively. Since the forma-
tion energies of isolated N and B are -0.6 and -0.5 eV. respectively, the charge

Table III. Total energy gains for various distortion modes around substitutional N
in diamond using a 64-atom unit cell. For all but the last row only the r point was
used for k-space sampling. See text.

unrelaxed substitutional N 0.00 eV
full radial relaxation around N -0.36 cV
distortion of N and C along (I 1) only -0.32 eV
distortion of N and C and full relaxation -0.63 eV
distortion of N and C and full relaxation (Baldereschi point) -0.76 eV
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transfer and bonding effects are sizable for this pair. In graphite, however, these
formation energies are even lower, -5.6 and -6.2 eV for the distant and nearest
neighbor pairs, respectively. These results indicate thus that simultaneous N and B
doping will increase rather than reduce the thermodynamic preference for graphite.

However, before dismissing the above idea, one should point out that the
bonding in diamond and graphite is quite different. Also, the respective supercells
differ substantially in shape and size. This may affect the accuracy of the calcula-
tions and thereby of the above comparison. Other potential sources of error are the
plane wave cutoffs, which may have to be even higher if structures with very dif-
ferent bonding properties are compared, and the local density theory. Clearly, more
calculations and convergence tests are needed in order to assess the accuracy of the
results. There are also experimental indications that N is difficult to incorporate
into graphite, possibly for kinetic reasons, which may lead to a preference for the
formation of diamond. It may thus still he ,scful to carry out the appropriate exper-
iments.

SUMMARY AND CONCLUSIONS

The energetics and electronic properties of native defects and impurities in di-
amond were investigated through large scale band structure and Car-Parrinello cal-
culations. Among the native defects in diamond, it was found that the vacancy has
the lowest formation energy, and, as such, governs self-diffusion in diamond. The
activation energy for self-diffusion in intrinsic diamond is very high (9.1 eV).
which explains he well-known difficulties in annealing diamond during growth
and/or processang. However, the formation energy of the vacancy decreases by - 3
eV in p- and n-type diamond. Doping during growth (e.g., with B) should thus lead
to an increase in self-diffusion and thereby in annealing rates, possibly resulting in
a better quality material. This effect was indeed observed in diamond growth on
both non-diamond [ 121 and diamond 1131 surfaces.

Our calculations for the potential shallow donors found that Li, Na, and P
would dope diamond. As expected, 1) strongly prefers the substitutional site, while
Li and Na are interstitial donors. H-Iowever, since their solubilities are very low,
they cannot be introduced into diamond by inl-difftusion, which is an equilibrium
process. The alternatives are kinetic trapping during growth or ion implantation.
Ion implantation is particularly suitable for interstitial impturities, since no host
atoms need to be displaced and co-implantation with C, necessary for substitutional
impurities, can be avoided. Ion implantation has already been successful at n-type
doping of natural diamond with Li, althougl the samples lost their n-type conduc-
tivity after prolonged annealing. The ion implantation method of Refs. 14 and 15 is
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particularly promising, since it mininlizes the number of self-interstitials escaping
to the surface.

The suitability of a particular shallow dopant is also dependent on its stability
at the dopant site. Substitutional impurities are likely to diffuse by the vacancy
mechanism, by analogy to the self-diffusion mechanism [6]. Since the activation
energy for self-diffusion in diamond is very high, the activation energies for the
diffusion of substitutional impurities are also likely to be high. Substitutional impu-
rities would thus be suitable for high temperature applications. For interstitial im-
purities, interstitial channel diffusion is most likely. For Li and Na, the activation
energies for diffusion through this path are 0.85 and 1.4 eV, respectively. Li is
therefore a fast diffuser that may become inactive after prolonged annealing or
even extended storage. Na-doped samples, however, should remain active up to
moderate temperatures.

Nitrogen occupies a distorted substitutional site. The distortion occurs in the
(11l) direction with the N atom and the (Ill) C atom moving away from each
other. It is due to the interaction of the fully occupied N lone pair with the dangling
bond of the (I I ) C atom. The single electron associated with the center resides in
an antibonding orbital formed from the dangling hybrid and the N lone pair. This
orbital has most of its amplitude on the C atom. These results provide the first con-
sistent explanation of the properties of the N center, which was first observed and
identified by EPR over 20 years ago.

The formation of N-B pairs in diamond results in the release of 3-4 eV of en-
ergy. We investigated whether this effect can be used to alter the thermodynamic
balance between diamond and graphite at low pressures. Unfortunately, the calcu-
lations indicate that the formation energies of these pairs in graphite are even
lower. However, additional calculations are needed in order to assess the accuracy
of these results, since different sizes and shapes of the supercells, as well as the
very different bonding environments in diamond and graphite, may have intro-
duced significant errors. Furthermore, experiments have shown that it is difficult to
incorporate N into graphite. It may thus still be worthwhile to test this idea experi-
mentally.
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ABSTRACT

Material growth is an inherently non-equilibrium process. However, thermodynamic
considerations often provide important insight into material growth, the structure of grown
materials, and process control parameters. In essence, thermodynamic considerations are
important when activated processes are either slow or fast on the time scale of the growth.
Activated kinetic processes are important when their time scale is the same as that of growth.
Realistic ab-initio calculations of material structure and dynamics can provide a microscopic
understanding of both thermodynamics and the kinetics of material growth. The primary focus of
this article is a recently proposed defect-assisted multiple-regrowth stabilization of cubic
phases.1, 2 In this theory the incorporation of vacancies at the growth face changes the relatie
binding energy of cubic versus hexagonal phases so that diamond and cubic boron nitride can
nucleate and grow. This theory predicts that diamond nucleation and growth is enhanced under
electron rich or positive ion conditions. Experimental results on growth of both diamond and
cubic boron nitride that motivate and support theoretical predictions are described. Cubic boron-
nitride grows under off-stoichiometric conditions. The nucleation rate of diamond is increased by
niany orders of magnitude when a flux of electrons impinges upon the surface. Raman line
broadening and ESR measurements indicate the presence of significant concentrations of point
defects. Predictions and experimental evidence for both n and p type doping will b_ discussed.
,4h-initio calculations of key kinetic processes and thermodynamic quantities for diatn,..id and
boron nitride growth are described.

I NTRODU CTION

The growth of diamond under vapor conditions which are substantially in the stability regime
of graphite presents us with a theoretical puzzle. One way to resolve this puzzle is to discuss the
growth entirely as a kinetic process. Growth is a non-equilibrium process so equilibrium stability
considerations need not apply. However, often equilibrium considerations do apply. Thus we
choose to take the opposite approach and explain why we should consider that :quilibrium
cotlsiderations may apply to the growth of diamond. Having thus confounded the original
mystery a resolution wk ill be proposed in terms of the quasi-equilibrium theory of defect-assisted
multiple-regrowth stabilization. .2

KINETICS OF GROWTVl ANDI T[iFR.t)DYNAMIC EQUILIBRIUM
G row th is an inherent]y\ non-equilibriuti process. Atoms tove from one phase (% apor or

plasina) to another (solid). In vapor phase growth of solids the kinetics of growth genericall\
involves several processes:

(a) Atomi arrival, controlled by the sticking probability of various vapor species,
(b) Atom motion /diffusion, controlled by the hopping rate on the surface,
(c) Atom removal, controlled by the emission or etclhing rate of surface atoms.

Despite the kinetic nature of these processes, equilibrium solids often are grown. Generally.
the equilibrium solid is simply the lowest energy structure of the material. A first explanation for
the growth of equilibrium solids which might be given is the formal reason given for equilibrium
in any system: Equilibrium occurs because the kinetics are fast enough to explore the asailable
phase space. Low energy structures grow because kinetics are fast enough to explore all the
possible arrangements of atoms. This is not a sufficient answer because tmaterials do not really
have the time to explore all of the phase space. If they did have sufficient time, on realistic time
scales, then atorns of the same material originally in any arrangement would spontatteou sly
rearrange to forsm an ideal equilibrium solid if heated to the temperature of growth. In reality, a
more limited phase space exploration occurs at the surface during growth. This means that we
actually rely for the growth of equilibrium solids upon two other conditions:

Mat. Res. Soc. Symp. Proc. Vol. 242. '1992 Materials Research Society
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(a) Fast surface kinetics compared to growth time.
ib) Surface energetics which are similar to bulk energetics.
While (a) is not necessarily true, it is not surprising since it seems intuitive that atom motion at

the surface proceeds faster because of fewer constraints due to fewer bonds. The second
statement is more surprising than the first since surface reconstructions occur and the structure and
energetics of the surface therefore appear very different from the bulk. However, one or two
layers beneath the surface the energetics appear generally to be very similar to the bulk. Step
edges are an environment which is more similar to the bulk than the surface itself. The use of
island growth by addition of atoms to step edges enables this environment to control the structure
of the growing solid.

Finally, while (a) and (b) are necessary, it is also important to note that the growth rate is
controlled (typically through the arrival rate of atoms) to limit the growth rate so that the surface
kinetics are indeed fast enough to enable sufficient atom motion to give rise to the equilibrium
structure. This brings us to a discussion of conventional Ultra-High vacuum MBE growth.

CONVENTIONAL MBE
In conventional Molecular Beam Epitaxy (MBE), materials are grown under ultra-high

vacuum, and low temperature. The arrival rate of atoms at the surface is kept low enough to
ensure that atoms can migrate along the surface to a surface step and be incorporated.

In this picture there are two fast processes: atom migration on the surface and atom in
corporation at a step. These processes are fast enough so that equilibrium considerations apply
and high quality low defect concentration "equilibrium" solids can be grown. But it is equally
important to recognize that there is a slow process which is characteristic of this type of growth -
interlayer mixing of atoms. Because this is a slow process it is possible also to grosA non-
equilibrium solids in the form of multilayers which are another feature of this type of growth
which can be used for technological applications.

This well known example illustrates the importance of both fast and slow processes in
characterizine the kinetics of growth. Fast processes enable equilibration and equilibrium solids
to grow, while low processes can either prevent equilibration or equivalently enable non-
equilibrium solids to grow. Using this as a guide it is possible to inquire whether there are fast
and slow processes which characterize the growth of diamond.

Fig. I: Illustration of conventional MBE growth where atoms arrive on the surface.
stick and move and attach rapidly to surface steps. The rapid process of motion along the
surface results in equilibrium within the layer. However, the slow interlayer mixing
enables non-equilibrium superlattices to be grown.
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Fig. 2: Illustration of multiple regrowth theory of diamond growth where atoms are
added and removed rapidly from the surface and do not move easily along the surface or
in the bulk so that many vacancies are to be found in layers of material near the growth
face.

DIAMOND GROWTH
The growth of diamond occurs under conditions quite different from conventional MBE.

Diamonds are conventionally grown under a hydrogen pressure of 100 torr and a carbon species
pressure of I torr. In order to develop an understanding of this growth it is important to generally
compare the rates of processes which are relevant. It is possible to consider a kinetic picture
involving a variety of molecular species, their sticking probabilities and migration rates.
However, we begin by considering what processes might be fast or slow in these circumstances
so as to simplify the discussion. An indication of the migration rate of carbon atoms may be
obtained from bulk calculations in diamond.

Ab-initio theoretical studies by Bemholc et al 3 indicate that migration of atoms in the bulk of
diamond occurs by vacancy hopping and requires overcoming a barrier of 1.9cV. This result has
also been confirmed by experiment.4 Using this barrier an estimate of the hopping rate at 1000 C
is only about 101±3/sec. This may be compared with the barrier to vacancy motion in silicon
which is 0.3eV. In graphite vacancy motion is only slightly faster. Ah-initio calculations5 give a
migration barrier of 1.6eV. While this is only an estimate of the rate at a surface, migration is not
a naturally fast process in this system and can be expected to be many orders of magnitude slower
than in materials which are typically grown in MBE systems.

The unusual growth conditions however suggest another process to be fast compared to the
growth rate. The growth rate of diamond is about I pim / Hour, which is 1.5 monolayers/sec. If
we were to estimate the growth rate from the flux of carbon species the number should be more
like 106 monolayers /sec. It is conceivable that only one species of carbon with a relative
concentration of 10.6 may be active in the growth. However, it is also possible to suggest that
many atoms are added and removed from the surface for each atom which eventually remains and
is incorporated. This gives rise to the picture of "Multiple-regrowth" where layers are added and
etched many times during the growth process. The importance of hydrogen as an etchant (and
more recently of oxygen as a low temperature etching agent) in the growth of diamond has already
been emphasized by others. 6,7

This picture of multiple regrowth suggests that layers or areas of either diamond or graphite
could grow, and be removed in this process. The active dynamic competition between diamond
and graphite would suggest, that the lower energy structure would win.5 This argument indicates
that equilibrium considerations should apply, confounding the original puzzle of the successful
non-equilibrium growth of diamond. The observation that both fast and slow processes are
present, however, suggests a mechanism for diamond stabilization.

DEFECT STABILIZATION OF CUBIC PHASES
The slow process of atom motion on the surface of diamond and graphite suggests that the

growth process of these materials under the multiple regrowth conditions does not result in the
same type of surface growth as conventional MBE, instead atoms arrive on the surface and do not
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move around to fill in vacancies )that the surface is formed out of only partially completed layers
with l"gec concentrations of vacancies. Thus in order to correctly compare the relative stability of
diamond and graphite under the growth conditions we have to consider defective diamond and
similarly defective graphite. The comparison of these materials proceeds then by using the
formula for the formation energy of a solid with a concentration n of vacancies:;

F= FB + n FD I)

where FR is the bi.oding energy of the materials with negligible defect concentrations and FD is
the free energy of fonnation of a vacancy. If we consider that both materials should have roughly
comparable vacancy concentrations then, as Fig. 3 indicates, the formatioti energy of graphite may
be raised above that of diamond if the formation energy of vacancies is higher than that of
diamond. It is impoteant to recognize that in this picture the slow process of vacancy motion
freezes a non-equilibrium concentration of vacancies but the rapid multiple regrowth procesý
enables a direct energetic comparison of defective graphite with the defective diamond.

By comparing two expressions for the formation energy of defective diamond and graphite it
may be seen that a ,ransition to diamond will occur if the formation energy of vacancies is smaller
in diamond and the number of defects is greater than:

n > (FB(diamond) - FB(graphite) ) / (FD(graphite) - FDgdiam,,,ud)) (2)

Ah-initio calculations of the formation energy of vacancies in diamond. 7.2 eV and graphite5

7.6 eV yield only a small difference between the formation energy of vacancies in these materials
so that diamond with more than 8% vacancies is stable compared with similarly defective graphite.
This is a rather large conce.,tration of vacancies. However, since diamond is a insulator the defect
in diamond can be charged. The formation energy of charged defects changes with the position of
the Fermi energy. Graphite is metallic so the defects can not be charged and their formation
energy can not be changed by varying the Fermi energy. Figure 4 indicates how the formation
energy of vacancies in diamond and graphite can be compared including the possible variation in
Fermi energy of diamond. The formation energy of charged defects varies linearly with a shift in
the Fermi energy because the enorgy of electrons moved to the electron reservoir from ine defect
are -.,ised by shifting the Fermi energy up or lowered by shifting the Fermi energy dossn as
follows:

Formation energyI
Diamond

Diamond GrowthGraphite No

n (vacancy concentration)

Fig. 3: Illustration of defect stabilization of dian:ond. The formation energy of
diamond and graphite is schematically shown as a function of vacarcv concentration.
The slope of each line is the formation energy of a vacancy. Due to muiltiple ,egrowth a
non-equilibrium concentration of vacancies is frozen at the growth face bult competition is
present between defective diamond and defective graphite. Since the formation energy of
vacancies is larger in graphite than in diamond a sufficiently high concentration of
vacanmies can stabilize the growth of diamond over graphite.
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FD( q,•t•=FDc q,PWo+q(,U-lA) (3

where q is the charge of the defect and it, -to are the Fermi energy and reference Fermi energy
respectively. 10 The second term arises from the energy of the electron added to or taken from the
electron reservoir with an energy Ii.

Because it is possible to have both positive and negatively charged vacancies, shifting the
Fermi energy either up or down lowers the energy of the diamond vacancy relative to the graphite
vacancy. For extreme Fermi energy shifts a concentration of less than one percent would stabilize
diamond over graphite. The growth of diamond is presently performed under electron rich
conditions. We can extend our quasi-equilibrium picture to include an effective Fermi energy
which describes the electron rich conditions. Thus the comparison of diamond and graphite under
current growth conditions should include both a substantial concentration of vacancies and a
Fermi energy shift which lowers the energy of negative diamond vacancies.

NUCLEATION AND EPrrAXIAL GROWTH
An advantage of the quasi-equilibrium nature of the multiple-regrowth picture is that it

accounts both for the nucleation and continued growth of diamond. Kinetic theories which rely
heavily on a preexisting diamond surface do not easily generalize to explain nucleation. It is
reasonable to assume that homo-epitaxial growth proceeds more easily than the nucleation itself.
Thus one would expect a wider range of conditions would be consistent with homo-epitaxial
growth than with the nucleation step. Nevertheless the well known instability of diamond
surfaces to graphiti:mi:ion suggests that the importance of the diamond surface as a substrate to
growth is not as great for the growth as in many other materials. Thus that multiple-regroA th is
likely to be important both for nucleation and continued growth under conventional ,ondifions.

Graphite
vacancy

8
..... .....- .---
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vacancy -2

4 formation
energy
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Hig. 4: Vacancy formation energy in diamond as a function of Fermi energy and
graphite vacancy formation energy. By varying the Fermi energy it is possible to lower
the energy of the diamond vacancy s(, as to enable the vacancy assisted stabilization of
diamond durine growth.
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Table 1: A comparison of conventional MBE growth and Diamond growth. In each
case the conditions of growth provide fast and slow processes. The fast processes ensure
a high quality single phase material while the slow processes enable quasi-equilibrium
solids to grow. In the case of conventional MBE growth layered materials are grown.
While under the conditions of diamond growth slow processes stabilize the diamond.

Conventional MBE Diamond Growth
Fast processes Atom migration on surface Atom addition and removal

Atom incorporation at step

Slow processes Interlayer mixing Atom migration

Results High-quality "equilibrium" solids Growth of Metastable diamond
Multilayers (non-equilibrium) Polycrystalline growth
Low defect concentrations Residual defect densities

PREDICTIONS OF MULTIPLE REGROWTH VACANCY STABILIZATION
Residual defect concentrations - The theory of multiple regrowth induced vacancy stabilization

of diamond simplifies the consideration of the growth parameters for diamond and suggests
several predictions which can be compared with experimental results. The first prediction is
simply the association of defects with diamond growth. It is important to recognize that defects
still move and therefore anneal on the time scale of the complete growth of the film. Only near the
active growth face are defects effectively frozen. At the growth face the rate of vacancy motion is
slower than the addition and removal of layers. However, far away from the growth face layers
are no longer being actively added and removed, and the vacancy moves at a rate which is fast
compared to the eventual rate of layer addition. It can therefore move toward grain boundaries or
dislocations which act as defect sinks and anneal. However, it may be expected that vacancies
will cluster into less mobile aggregates and be found in the eventual diamond. The final
concentration of these vacancies or vacancy clusters may he quite sensitive to the temperature Of
growth (the higher the temperature the more they will anneal), the thickness of the grown film (the
longer the growth process the more annealing will occur), the density of grain boundaries and
dislocations (the higher the grain boundary or dislocation density the lower the vacancy
concentration), or other conditions of growth. The concentration of vacancies would be expected
to vary with depth in the grown film with a larger concentration near the surface.

Several experintental results are now consistent with the predictions of this theory. These
experiments attempt to observe a correlation between defect concentrations and the growth of high
quality diamond films. In con,.entional growth it would be expected that conditions which lead to
higher percentage of dianmond in the film would also lead to higher quality - lower defect
concentration - diamond. In the defect assisted growth picture, the opposite would be expected
since the vacancies are assisting in the stabilization of diamond.

An experiment which tests the association of diamond growth with defects was performed h%
%arying the total pressure of the growth a series of films. The films were found to contain varying
concentrations of diamond and graphite. Two measurements on diamond films were performed
which can be sensitive to defect concentrations: Raman spectroscopy and ESR measurements.
"The Raman specttmun 2.11 was found to show that the width of the diamond Raman line increased
for films which were of higher diamond purity. The increasing width of the Raman line is
consistent with a higher concentration of point defects. T'he ESR signal provides a quantitative
measure of paramagnetic defect centers and is reported by Fanciuli ct al. 2 The ESR signal is
found to increase dramatically for higher purity diamond films from a concentration of 1(I"17 to a
concentration of 10t19 spins per cm3 . '

Fermi energy and ornwt/h - A second prediction of the multiple-regrowth theory pertains to
the role of the Fermi energy shift in the growth. Based on Fig. 5, a prediction is made that the
ease of growth of diamond should follow the energy dependence of the vacancies vA ith the
effective Fermi energy at the growth face. In its simplest from this means thtt both positive ion
conditions (plasmas containing high concentrations of positive ions) and electron rich conditions
should enhance the growth of diamond.

A test of this prediction may he miiade by controlled addition of electrons by biasing the
substrate or using an electron beam. It is important to emphasize that the results which are
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achieved further depend on the other conditions of growth. A shift in the Fermi energy which
lowers the formation energy of vacancies indicates that diamond with the same concentration of
vacancies is now lower in energy and the purity of films will be higher and the nucleation of
diamond is easier. However it also indicates that diamond may be grown with fewer vacancies so
that conditions of growth may be varied to achieve faster or higher quality diamond growth
without lowering the purity of diamond films. The same conditions without the addition of
electrons could result in graphitic rather than diamond growth.

Two experimental results have been achieved which are suggestive of the predicted results.
Biasi ig the substrate without changing the conditions has been shown to lead to many orders of
magnitude change (e.g. over 1010) in the nucleation rate of diamonds. For typical growth
conditions diamond does not nucleate at an experimentally viable rate on polished silicon surfaces,
only on roughened surfaces. Under biased conditions which enhance the electron concentration
incident on the surface, diamond nucleates on polished silicon substrates. 2 .t3 This result is
obtained by consistent substrate biasing during growth so that the current through the surface is
maintained at a constant value throughout the growth. Another experimental result suggests that
diamond growth rates may be increased by an order of magnitude when electrons are added to the
growth environment. t4

Another way to vary the Fermi energy of the growth is by doping. A proper consideration of
the effect of dopants must include the dopants themselves in the quasi-equilibrium picture. This
leads to a separate prediction regarding the conditions for optimal doping.

Doping - A central problem in the growth of diamond is not just achieving high quality solids,
but also incorporating dopants in desired quantities. An area of investigation which has not yet
been extensively utilized experimentally is the ability of the growth conditions to enhance dopant
incorporation by controlling the surface conditions. Generally growth is optimized for the
intrinsic material and the parameters are not changed for dopant incorporation. However, it can be
shown that control over the effective Fermi energy during growth may' have significant impact on
dopant incorporation and activity. The energy of dopant incorporation directly depends on the
value of the Fermi energy. Consistent with Equation (3), a donor will have its energy of
incorporation raised if the Fermi energy is raised. This suggests that for successful dopant
incorporation, the Fermi energy during growth should be moved opposite to the direction of
desired eventual doping. The Fermi energy should be moved down for n-type doping and up for
p-type doping. The temporary Fermi energy shift during growth may be achieved by electron rich
conditions for p-type doping or by incident positive ions for n-type doping.

A further complication occurs in many cases where dopants may be incorporated in several
different configurations, some active and some inactive or even causing counter doping. In this
case the counter Fenri motion during growth also enhances the doping efficiency defined as the
ratio of active to total dopant concentration. This enhancement of doping efficiency %kill survive
beyond the time of the growth if the equilibration in the bulk is slow, as it would be in diamond or
in many other solids.

These considerations are quite general;i1 however, in diamond growth an experimental result
lends support to these qualitative predictions. p-type doping of diamond has been achieved for
diamond grown in an electron rich environment. There is no n-type doping which has been
achieved for electron-rich environment. It remains to be seen whether n-type doping may be
achieved under positive ion conditions. Ah-initio calculations relevant to the consideration of
doping may he found in the work of Kajihara et al.iS While these calculations suggest that n-type
doping is difficult, the advantage of shifting the I cnii energy may be sufficient to enable the
doping to occur.

CUBIc BORON NITRIDE GROWTH
Cubic Boron Nitride, similar to diamond, is unstable to the formation of , graphite-like forn

of Boron Nitride. It is thus possible to ask whether a similar defect induced stabilization may also
apply to the groiwth of Boron Nitride. An essential difference for BN is that the defect
concentration may be controlled by variation of the stoichiolietry. Different stoichioltetries may
be attainable by the control of vapor pressures of gas splecies Under conditions of conventional
low pressure MBF growth where surface migration is the dominant "fast" process and sticking
coefficients control the rate of growth. Tie departure from stoichiotoctry may be used to stabilie
groiwth of the cubic-BN.

In the same spirit as for diamond growkth, we begin with the simplest set of assumptions
enabling a comparison of off-stoichiometric materials during growth. These are interpreted w% ith
the aid of accurate ah-initio calculations to provite guidance as to systemnatic trends which may be
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expected in actual growth. Departures from stoichiometry may be considered in two limits: the
first assumes that cubic and graphitic materials are in equilibrium and share the same chemical
potentials, the second assumes that sticking coefficients which control the off-stoichiometry are
approximately similar and thus materials with similar stoichiometries shouid be compared. We
adopt the latter approach. For simplicity, each material is assumed to be in equilibrium internally,
so that defect concentrations are determined by equilibrium formation energies. The comparison
of material formation energies may then be considered equivalently either in the grand-canonical or
canonical ensemble. In the former we would write the free energy per atom of the solid as

F= (N(B)pfB + N(N)ppN )/N= 11/2 PBN + s/2 (PB-AIN) (4)

Where N(B), N(N) are the number of Boron and Nitrogen atoms respectively, N is the total
number of atoms and s=N(B)-N(N) measures the stoichiometry. The two expressions in
Equation 4 are related by the assumption of equilibrium in the bulk solid so that the sum of N and
B chemical potentials is equal to the binding energy of a pair in the solid: IN+£pB=p]BN. The other
chemical potential adjusts to achieve the desired stoichiometry. The chemical potential may then
be thought of as being determined by the formation energy of the defects responsible for the off-
stoichiometry. Consequently, the chemical potentials of the two different materials are not the
same.

For the purpose of comparison of equal stoichiometry materials we can equivalently consider
the more intuitive canonical ensemble and write the difference between the free energies per atom
of the two solids by using a reterence value for PB-/IN :

F(c-BN)-F(g-BN)= 1/2 (PBN (c-BN)--PBN (g-BN) )+ Is I(FD(c-BN) - FD'g-BN)) (5)

In this expression the defect formation energies appear explicitly but are to be understood as taken
for a particular reference chemical potential, and are of the dominant defect which is responsible
for the off-stoichiometry. As written it is for defects such as vacancies, where the difference in s
of a single defect is ±L The generalization to antisites where the difference in s of a single defect
is ±22 is straightforward. The relative concentrations of vacancies and antisites is established b'
assuming a chemical potential consistent with the off-stoichiometry.

In order to include the possibility of charged defects, for each material a quasi-equilibrium
Fermi energy is assumed. Experimentally, the Fermi energy may often be adjusted for optimal
growth using substrate bias or ionic conditions of the plasma at the growth face. Unlike the case
of diamond and graphite, both cubic and graphitic BN are insulators. Fermi energy variations and
charged defects are present in both materials.

In addressing the defect induced off-stoichiometry in both cubic and graphitic BN, it appears
reasonable to neglect interstitials and restrict our attention to vacancies and anti-site defects. This
was justified by detailed calculations for the case of diamond which showed a much larger
formation energy for interstitial defects.3

AB-INITIO CALCULATIONS OF DEFE(-I FORMATION ENERGIES IN BORON NITRIDE
We have performed ah-initio theoretical studies of the formation energies of vacancies and

anti-site defects in cubic and graphitic BN. The calculations employed the Pseudopotential Lklcal-
Density-Functional (LDA) formalism and a recently developed conjugate gradient algorithm.1'
Charged states were considered by using a neutralizing background)lý The plane wave expansion
used has a kinetic energy cutoff of 15 Ilartrees. Detailed descriptions of the calculation
methodology and results will be presented elsewhere.'8 These theoretical studies parallel
experimental work on the growth of BN that are summarized below and are presented separately
in greater detail. '1

In Fig. 5 we show the formation energies of the four defects in both materials as a function of
Fermi energy. Consistent with LDA calculations in general, the calculated semiconductor gaps are
significantly smaller than experimental ones. The gaps of cubic and graphitic BN are calculated to
be similar (3.85eV vs. 4.12eV), so the formation energies for both materials are shown on the
same figures. The reference chemical potential of .B-/UN is chosen so that PB is the chemical
potential of metallic boron.

Systematically it may be seen that there are more charge states of the defects in cubic-BN.
This means that shifting the Fermi energy is more effective at reducing the formation energy of
defects in cubic-BN below those of graphitic-BN. It is interesting to note that for three of four
defects, the formation energy of the neutral defect is lower in graphitic material, and for the boron
vacancy, they are approximately equal. It is only with the inclusion of the charged defects that
lower energy defects in cubic material and defect stabilization is possible.
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Fig. 5: Defect formation energies in cubic-BN (solid lines) and graphitic BN
(dashed lines) as a function of the the position of the Fermi energy in the gap of each
material. The reference chemical potentials are taken to be those appropriate for
equilibrium with bulk B metal. The defects shown are. (a) B vacancy, (b) N vacancy.
(c) B on N antisite, and (d) N on B antisite.
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Fig. 6: Minimum energy defects as a function of Fermi energy for cubic-BN (solid

line) and graphitic-BN (dashed line). The reference chemical potentials are taken to be
those appropriate for equilibrium with bulk B metal. The minimum energy defect and
charge state are identified on each line segment. Direct implications for defect induced
stabilization of cubic-BN are discussed in the text.

In Fig. 6 we show the minimum energy defects as a function of Fermi energy in the two
materials. This figure provides the simplest comparison for our purposes. It may be seen that for
all values of the Fermi energy the cubic-BN defects are substantially lower in energy than the
graphitic-BN. This suggests that defect induced stabilization is possible for cubic BN. A
systematic consideration (Table II) of boron-rich and nitrogen-rich growth for different values of
the Fermi energy leads to the following conclusions, most of which may be directly deduced from
this figure. For p-type or positive-ion conditions of growth, the defect formation energies predict
that stabilization is possible for boron-rich material, with nitrogen vacancies as the dominant
defect. Nitrogen rich material is stable in the graphitic structure. On the other hand, under n-type
or electron rich conditions of growth defect stabilization is predicted to be possible for nitrogen
rich material and nitrogen poor material. The dominant defect is the boron vacancy or boron
antisite respectively. However, under n-type conditions there is a strong tendency to nitrogen rich
material. Even though the reference chemical potential is for boron solid, which would lead to the
most boron rich solid in equilibrium, nevertheless, the boron vacancy is still the lowest erer
defect in cubic-BN for electron rich conditions. Thus, it is concluded that under p-type conditions
boron-rich cubic-BN, and under n-type conditions nitrogen-rich cubic-BN may be stabilized.

Table II: Summary of theoretical predictions for the growth conditions \%here
stabilization of cubic-BN may be possible in the quasi-equilibrium picture. The variation
of stoichiometry and the ionic charge of the growth are experimentally tunable parameters.
The dominant defect under each conditions is indicated. It is believed from experiment
that graphitic-BN is stable in stoichiometric conditions. Experimental growth of boron-
rich cubic-BN under positive-ion conditions (*) is described in Table Ill and the
accompanying text. The question mark for boron-rich BN under electron-rich conditions
is included to indicate the strong preference of the growth for nitrogen-rich material under
electron-rich conditions.

Boron rich Stoichiometric Nitrogen rich
electron rich ? cubic-BN graphitic-BN cubic-BN

B antisite B vacancy
positive ion * cubic-BN graphitic-BN graphitic-IBN

N vacancy N antisite
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It should be emphasized that the theoretical calculations suggest that the limit of off-
stoichiometry which may be achieved in true equilibrium is small. Off-stoichiometric material is
generally unstable to phase separation. For a boron rich solid, the limit of boron excess is
established by setting the boron chemical potential to the chemical potential of boron solid as is
indicated in Figs. 5 and 6. A 1% excess of boron would then require a defect formation energy
(either nitrogen vacancy or boron antisite, the difference is not significant) of 0.5 eV. Except
possibly for the boron antisite in highly n-type material this condition is not realized. Moreover,
in equilibrium, in the bulk, unless an equivalent concentration of dopants is included, the defects
are not stable in their charged states since the material must be locally neutral. Two interesting
consequences may be inferred. First, that the material may be grown boron-rich only if phase-
separation is inhibited by slow atomic migration. Generally, phase-separation is a slow dynamical
process so this may not be a concern for nearly stoichiometric material. Equivalently we may say
that the effective boron chemical potential may be significantly lower than that of metallic boron
before phase separation occurs during growth. Second, following growth, the intrinsic instability
to phase separation may play an important role in the stability of cubic-BN. This is particularly
true because in otherwise undoped material the defects must become on average neutral and the
Fermi energy will shift to the position of the defect-electron-transition raising dramatically the
energy of the defects causing the off-stoichiometry. It may be possible that the instability to
phase-separation results in material which gradually undergoes phase separation on experimental
time scales. It may be possible to overcome this instability to phase separation (or graphitization)
of the cubic BN after growth by post processing to restore the stoichiometry of the material. An
intriguing though speculative possibility for achieving stoichiometric cubic-BN material is through
growth alternately in p-type and n-type conditions resulting in layered boron-rich and nitrogen-
rich materials which may interdiffuse to form stoichiomnctric material.

Finally, it may be mentioned that N vacancies and B vacancies are intrinsic donors and
acceptors respectively and thus an effective doping of cubic BN may be achieved only through
careful control of stoichiometry. Moreover, the stoichiometry itself may serve, at least in part, for
achieving p-type and n-type materials. Material which is nitrogen-rich grown under n-type
conditions will be found to be p-type after growth, and conversely for boron-rich material.
Limitations to doping efficiencies may be derived from the results described above.

GROWTH OF CUBIc BORON NITRIDE
The experimental growth of cubic BN is reported in detail separately.1 9 Preliminary results of

the experimental effort were the primary motivation for the theoretical studies described above.
Growth of cubic material was performed by sputtering of high-purity (pyrolitic) BN in an argon
plasma. The sticking coefficient of nitrogen is much lower than that of boron, so that in a pure
argon plasma the film has a B:N ratio of 5:1 and is phase separated into metallic boron and BN.
To increase the nitrogen in the film, N2 gas was added to the plasma and adjusted to achieve
optimal growth. The plasma conditions cause the substrate to be negatively biased attracting
positive N2+ ions from the plasma to the surface and causing an electron depleted surface. This
may be taken to correspond to the theoretical discussion of cubic BN growth in a p-type
environment.

The conditions of growth and the resulting materials are summarized in Table Ill. The optimal
hardness of the films (3,500 kg/mm 2 ) was obtained with 10% N2 pressure in the plasma. Films
grown under these conditions were characterized by in-p iane X-ray diffraction and electron
diffraction as cubic-BN. The hardness of 3,500 kg/mm- is consistent with the hardness of
synthetic cubic-BN. The B:N ratio of these films was measured directly and found to be between
1.01:1 and 1.02:1. This 1-2% off-stoichionietry is consistent with the results of ESR
measurements which find a spin density of 102) - I% of atomic sites.2-( The ESR line shape and
g-value measured is consistent with other measurements of nitrogen depleted BN which have been
associated with the nitrogen vacancy. When the N2 pressure is increased to 50% the films
become very soft and are stoichiometric to the accuracy of the measurements.

These results appear to be consistent with the theoretical predictions linking the nitrogen
vacancy with the off-stoichiometry induced stabilization of cubic-BN under p-type conditions.
The observation of spins from the nitrogen vacancy may be understood in detail as follows.
During growth the nitrogen vacancy is expected to be positively charged. Once the growth has
proceeded and the vacancy is away from the surface, the material must become on average neutral.
This occurs through capture by the nitrogen vacancy of electrons. A single electron on a nitrogen
vacancy neutralizes the vacancies and is expected to give an ESR signal since it only half occupies
a gap state.
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Table Ill: Plasma pressures of N2 in an argon plasma during BN films and the
resultant properties and stoichiometry of BN films. See text and Ref. 18 for details.

N, pressure Film property Stoichiometr: B:N
0% phase separation 5:1
10% cubic-BN (see text) 1.01:1 to 1.02:1
50% soft like graphite 1:1

The theoretically predicted possibility of cubic-BN growth under electron rich conditions
remains to be tested.

This work was supported in pauit by the National Science Foundation (Grant #DMR-9014370)
the Cornell National Supercomputer Center, and by the US-Israel Binational Science Foundation.
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ABSTRACT

We present a theoretical formalism to investigate doping efficiencies of impurities ii
semiconductors, and show results for various acceptor impurities (Li, Na and N) in ZnSe.
These results, obtained from first-principles calculations, yield important insights in the
mechanisms that govern impurity formation energies and solubilities.

INTRODUCTION

Doping of ZnSe has been the subject of intense investigations for many years. The belief
was widely held that p-type doping could not be achieved due to some intrinsic limitation.
often attributed to self-compensation by native defects. We have recently shown, based oil
state-of-the-art first-principles calculations, that under appropriate growth conditions the
concentration of native defects in ZnSe is quite low. and will not cause self-compensation.'
Recent experimental achievements have also conclusively established that p-type doping
of ZnSe is indeed feasible. 2-5 However, high doping levels are still hard to obtain, and a
comprehensive understanding of the doping difficulties has been lacking.

The theoretical approach presented in this paper shows that two mechanisms play an
important role in the doping limitations. One is a competition between various configiu-
rations that the dopant impurity can assume in the lattice. The second mechanism is a
solubility limit, imposed by the coexistence of other phases that can be formed out of the
constituents. In this paper we briefly sketch the theoretical approach. and then present
detailed results for Li and other impurities. We find that Li suffers from a competition
between substitutional and interstitial lattice sites. More importantly. the total solubilitv
is limited by formation of the compound Li2Se. For Na, we find the solubility to be much
lower than for Li, rendering Na useless as a dopant. Nitrogen turns out to be the best candi-
date among the elements examined here. These results can serve to guide experiments. not
only regarding the choice of dopant, but also with respect to establishing optimal growth
conditions.

FORMALISM

The equilibrium concentra, ion of an impurity in a semiconductor is given by

C E.ý- TSfO._~C = N,.,,,exp(- E k•-Tfo] (11
kT

Nite. is the appropriate site concentration, e.g., for substitutional Li (Liz,) this is the
number of Zn sites per unit volume. Efo,. is the formation energy, and Sro, the formation
entropy. The pressure-dependent term in the Gibbs free energy can be neglected for the
solid phase. Entropy contributions have been estimated to be small6 ; they also tend to
cancel when comparing relative free energies."

The key quantity for determining impurity concentrations is thus the formation energy
Its value must be determined from first-principles total energy calculations. We carry owt

Mat. Res. Soc. Symp. Proc. Vol. 242. ' 1992 Materials Research Society
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these calculations based on density-functional theory, using ab initio pseudopotentials. arid
a mixed basis set to ensure an adequate description of the Zn d orbitals.'' A supercell
geometry is used, in which the impurity is surrounded by a sufficiently large volume of the
host crystal. A general definition of formation energy is given in Eq. (1) of Ref. 1. llere
we discuss the specific example of an ionized, substitutional Li atom:

Eto,.(Lizn) = E(Liz.) - aLi + yz. - EF. 12)

'(Lizn) is the calculated energy of a supercell containing the Liz. impurity, miinus the
energy of a reference cell containing tihe pure bulk semiconductor. /uLi and Pz, are the
chemical potentials of Li and Zn atoms: they represent the energies of the reservoirs with
which these atoms are exchanged. EF is the Fermi level, i.e. the energy of the reservoir
delivering the electron that is responsible for the negative charge on the impurity.

Equations similar to Eq. (2) can be written down for all configurations of all impurities
to be examined, in their various charge states. In addition, we take all intrinsic point defects
into account, thereby ensuring that reactions involving different impurity configurations can
take place. For instance, a substitutional Li atom can leave its site and become interstitial.
leaving a Zn vacancy behind. This leads to a long list of formation energies for various
impurity and defect configurations. The corresponding concentrations are coupled through
the condition of charge neutrality, as described in Ref. 1. These concentrations are still a
function of the chemical potentials of the constituents; we therefore present our results in
the form of contour plots, with Pzn and PLi as the variables (as explained above. Jis, is not
an independent variable since it is determined by Azs, =AZnS, - Amzn). Other details ahout
the formalism are discussed in Ref. 1.

RESULTS

Lithium

Fig. I shows some of our results for Li in ZnSe. The total concentration of Li impurities
is displayed in Fig. La. Not all Li atoms reside on substitutional sites, however. As pointed
out by Neumarks Li can also go interstitially, where it behaves as a donor. Our calculations
indicate that Li+ has its lowest energy at the Td site surrounded by Se atoms (TJ'), which
is 0.2 eV lower in energy than the TZn site. Analogous to Eq. (2), we can write down aii
expression for the formation energy of the interstitial species:

Eton.(Li+) = E(Li+) - Ki + EF.

The individual concentrations of the substitutional and interstitial species are given in
Figs. I.c and .d. Inspection of Eqns. (2) and (3) reveals that the formation energy of the
substitutional impurity (acceptor) rises as the Fermi level goes dov a (increasingly p-tvpe
material), whereas the formation energy of the interstitial (donor) becomes lower. As the
material becomes more p-type, it becomes increasingly favorable to form interstitials. For
some limiting position of the Fermi level, the formation energies of the two species actially
become equal. It is then impossible to push the Fermi level any lower: indeed, doing so
would make the formation energy of interstitials lower than that of substitutionals, thus
creating more donors than acceptors. which would push the Fermi level back up. Eqns.) 2)
and (3) show that this limiting Fermi level position is still a function of the Zn chenmical
potential, as can be seen in Fig. Lb: for a given value of uz, (along a horizontal lineeL
the Fermi level first decreases as p/,, is increased (increasing Li concentration. mostly as
acceptors), until eventually it saturates; at that point, each Li has an equal chance of bint
incorporated as an interstitial or as a substitutional.
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Figure 1: Contour plots describing the behavior of Li impurities in ZnSe, at 600 K. a
function of Zn and Li cheynical potentials. Solid lines indicate bounds on li7n aind piL ýýf
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I e V, referred to the top of the valence band); (c) logio [Lizn.) the concentration of Li or?
substitutional sites: (d) logio [Lij], the conce it ration of Li on interstitial sites.

The chemical potentials are subject to strict constraints, imposed by the energies 4)
other phases that can be formed from the constituents.' These bounds are indicated b.%
solid lines in Fig. 1. The formation of bulk Zni puts an upper bound on tiz,: /1i.' = 1.(~
Similarly, formation of bulk Se puts a lower bound on IiZn, since

IPZn + P5e tLAZn5e PZn(booik) + Il5e(bulk) + AJI1 (ZnSe) .

where AHf (ZnSe) is the heat of formation of ZnSe (AHf is negatine for a stable coni-
pound). It follows that p"fl = PZn(buik) + AHf (ZnSe). Calculated heats of formation a[(-
listed in Table 1.

To find an tipper bound on the Li chemical potential, one may consider Li bulk. buit it
turns out that a much more stringent constraint is imposed by formation of the comipouind
Li2,Se, leading to a bound defined by the equation:

2
PL, + PSe = 11L2i ý 

2
tiio(bulk) + /iS,(iuk)tAIlf( Li 2Se`)
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Table 1: Theoretical and cxperimental (Ref. 9) heats of formation (in eV per formula
unit) for various materials containing Zn, Se, Li, Na, and N. Also listed is the minimum
formation energy (corresponding to maximum concentration) for the neutral substitutzonal
acceptor in ZnSe, and the corresponding minimum Fermi level position (in e V, referred to
the top of the valence band), at 600 K.

solubility-limiting compound

_H}h A H•x IE E-

ZnSe -1.39 -1.69

ZnSe:Li Li2Se -4.12 -3.96 0.13 0.46

ZnSe:Na Na 2 Se -3.13 -3.54 0.44 L.08

ZnSe:N Zn 3N2  - -0.24 0.09 0.38

The point where this line intersects the lower bound on pzz is given by ji~i = /'h(b,dk)

'AHf(Li 2 Se). The corresponding formation energy of the neutral acceptor, and the self-
consistently determined Fermi level are also listed in Table 1.

These contour plots, along with the bounds on the chemical potentials, provide impor-
tant insights regarding the solubility of Li in ZnSe. Our results indicate that Li incorpo-
ration strongly depends on the growth conditions; in particular, the ratio of interstitials
to substitutionals can be suppressed by lowering PZn (see Figs. 1.c and .d). This sinml-
taneously increases the total Li concentration, which reaches its maximum in the lower
right-hand corner of the accessible region, where pz, = zi" and AUL = pi. These results
are in good agreement with experimental observations on MBE-grown Li-doped samples.
in which the Li solubility was found to be limited, and the concentr'ation of Li interstitials
varied from sample to sample (indicating the dependence on growth conditions).'" 1'

Sodium

Figure 2 summarizes our results for Na in ZnSe. The qualitative behavior of Na is quite
similar to Li: both substitutional and interstitial configurations occur, and the solubilit%
is limited by the formation of the compound Na2Se. There is a pronounced quantitalive

difference, however, in the value for the solubility: Fig. 2.a indicates that total Na incorpo-
ration is limited to 1016 cm- 3 , i.e. three orders of magnitude lower than Li. These res'tl1
explain the experimental failure of doping attempts with Na.l2

Nitrogen

We have found that N does not stiffer from the substitutional/interstitial competition
associated with the column-I elements. Nitrogen on a substitutional Se site is a shallow
acceptor; N on a substitutional Zn site is a donor, but has a very large formation energy.
The bounds on the N chemical potential arise in this case from the Zn 3N2 compou1n'l.
as well as from N2 molecules. The contour plots for ZnSe:N (not shown here) indicate
that N has the highest solubility of the dopants investigated here. Under optimum growth
conditions, the hole concentrations that can be obtained are high enough for useful ,ehvi,,,
applications, making nitrogen the most promising among the dopants studied here.
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ilnso

(a) (b

-060

Figure 2: Contour plots describing the behavior of Na impurities in ZnSe, at 600 11. asa
function ofZn and Na chemical potentials. Solid lines indicate bounds on p1Zn and PN., (,( (
text). (a) 10910 [Na], where [Na] is the total.Na concentration in cn;(b) Fermi le-tl (in
eV, referred to the top of the v'alence band)I; The concentration of Na, is much lowe(r than

that of Nazi.. over the whole of the accrssible range.

CONCLUSION

We have presented a theoretical investigation of acceptor dopants in ZnSe. based upon
a thermodynamic formalism and state-of-the-art first -principles calculations. Our results
not only provide quantitative iinfornmation upon impurity incorporation. but can Also serve'
as a gui .de in exploring optimnumi growth conditions.
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INTERSTITIAL IMPURITIES IN WURTZITE VS.
ZINCBLENDE SEMICONDUCTORS: THE CASE OF H IN SiC

M.A. ROBERSON AND S.K. ESTREICHER

physics Department, Texas Tech University, Lubbock, TX 79409-1031.

ABSTRACT

Most compound semiconductors crystallize in the zinchilende or thc wurtzite struc-
tures. In both cases. all the hlost atoms are tetrahedrally coordinated. However. the two
lattices have no hligh symmnetry :nterstitial sites in common. As a result, the. stability.
lowest-energy configuration, electronic structures, andl barriers for diffusion of interstitial
impurities arc in general very different. This situation is illustrated here in thli case of
interstitial H in 3C (zinchlende) and 2H (wiirtzite) SiC. The results can be used to
obtain the properties of H in other hexagonal polytypes. in particular 6H1-SiC.

INTRODUCTION

N\early all the theoretical studies of properties of inpurities andl defects in -enucon-
doctors (deal with hosts that crystallize in the dijamondl or zinclblet.'> structures and of
those, most of the research focuses onl Si and GaAs. There is less imspetus to conduct
similar extensive studies in compounds that have the svurtzite structure. 'this is due at
least in part to the( fart that it is oft en difficult to dope them bot~h n- and p- type. i.e..
easily make dlevices wvi th them.

However, as this very symposium suggests, there is an increasing interest in more
oxotic semiconductors. where '-exotic" refers to materials that have extreme properties.
such as th(e ability to withstand high temperatures or largu dlose's of radliation. Further,

considerable improvements in the growth ando puiinty of filtms and sin gle cryst als make,~
these materials more readlily available than eve-(r before.

Among these sem~iconiduct ors, SiC is special because it is found in a large number of

"~ulytypes.l As discussed inl Ref. 1. a 's't of 501 layers of SiC can theoretically crystallize
in 93,813,567 dliffe'renit waN s, with cubtlic, hexagonal, rhornbohiedral, or trigonal structures.
Further, miany polytypes canl be doped n- and p-t.,pe'

Although some( properties of intrinsic defects have beenl studied in several wide band-
gap senmiconiduct ors.' little is known about the basic properties of imtp uri ties: diffusion
of shmallow dopantit st ructuore of deep- level i mlpuritie's, interact ions withI hydrog''xi. etc.
In mtost. ,ises, thle p robilemts themselves have yet to he cl-arly forrmulat ed. For exaniple.

dtoes at omic H passivate shallow accept ors or donors in Si C as it dtoes in Si'? Direct
extrapoldation of t hi- kiiown p~rope'rtie (it'f H in Si or Go .4s to mnate'rials such as cubic B N
or 611- SiC aire not necessarily c'orr'ct, and there is little doubt that experimenta;l and(
tieoret icalI studies will bring9ne ti(' iuol txpe. ted results.

In this paper, we will briefly discuss thle (Iifferent st ructuttres of SiC. thle key ('liarac-

evrist ics of thle variou s inrterst it ial sites, aind summxlarize thle results of our calcula tions for
initerst it ialI H in the cubic formn of SiC ( 3C, z incblende, or 3- SiC) and iii the hexagonal

Mat. Res. Soc. Symp. Proc. Vot, 242. 1992 Materials Research Society
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ptolvtype which is the most different from it (2H, wurtzite, or one of thle ci-SiC). These
results can be used to determine the properties of H in other hexagonal, polytypes.

Our calculations were done in large clusters5'6 near the ab initio Hartree-Fock level.
with the method of PRDDO.' To study 3C-SiC, we used Si2tC 2C12H'2, Sil 3 C1 3H2. and

Si4 C.,H1 s to convince ourselves that cluster size effects are small. For 2H-SiC, we used
Si 26 C2 6 Hso and Si 21 C 2,4 H 4 6 . The smallest cluster that contains all the interstitial sites
of 6H-SiC, the most stable of all polytypes, is Si 69C6 9H94. This cluster is too large for
the current version of the code. However, the properties of H in OiH-SiC can be obtained
from our results.

STACKING SEQUENCES AND INTERSTITIAL SITES

The various polvtypes of SiC differ by the way the Si - C pairs are stacked along
the c-axis (Fig. 1). In the familiar zincblende (or 3C) structure, the sequnce involves
three layers which are repeated periodicadly (ABC ABC ABC ... ). All the Si - C bond
lengths arc the same, and the angles are exactly tetrahedral.

Iii the wurtzite (or 2H) structure, only two layers are repeated (ABAB.4B ...
The St - C bond length along the stacking direction (Li1) is not equal to that which is
approximately perpendicular to it (LL), and the angles are not exactly tetrahedral. In
the 6H polytype, the basic sequence involves 6 layers (ABCACB ABCACB ...

3C 2H 6H

Tsc X TSc x

H oHo (9 HoBe X BI X rTs
"CT X Xac'

T5 CX X R T51 X
H. o

T'siý-X q TsX TC x eT siX Hr
H o BeOH Be H , B

BC X B s E xnx BC,
.rc . XR

Be,

j It;IIE I:1 Stackilg ':t'lutn in :1('-. 211", and 611 S.5'( ant high •t inniicirY t r liter-I ial itus
fv'' 1ist) "l 1w croe At .w Ihi ht,- al Ti...mia (j tic 1t nthiedial icirgp surtace ftir itier•tittal

/f. th o e rirchs are -adtl" poijii •. ad Hitti fitl •i res arc toit ltationar) point
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The various high-svmnteltrv interstitial sites are shown in Figil. Tile bonsd-centered
(B3C) sites differ from each othcr by the amount of relaxation which canl be achieved,. that
is mainhv by how much room is available for the bond to expand. The bond- centecred
site that can stretch the most is BCL in 2H-SiC: The C and Si atoms are 2.32 A away
from the nearest high-symnictry interstitial site (denoted R in Fig. 1). Next comes BC
(inl 3C-SiC), where the C and Si atoms are 1.84 A awvay from T sites. Finally, BC11 is
the most croN ded, with its nearest neighbors (NNs) only 1.23 A away from T' sites. It
canl be seen ii Fig.1 that intermediate situations are realized itt 6H--SIC.

The tetrahedral interstitial (T) sites have a subscript which refers to their 4 NNs.
The differences between T (in 3C-SiC) and T' (in 211-SiC) are readily visible in Figi..
However. iii GH-SiC, there are two Ts, (and two Tc ) sites which have the. same NNs as
the T sites in 3C-SiC, but differ from thern by further shells.

The hexagonal polytypes have two interstitial sites with no counterpart in the cubic
structure. We labeled them R and E. Finially, the hexagonal interstitial (H)( sites are
almost identical in adl the polytypes. They are near the saddle points, of the potential
energy surfaces (PES ( for light intcr'stitiamls such as H.

INTERSTITIAL HYDROGEN

In the p~ast tenl years, interest in the, properties of H in semticondluctors has grownt

enormtotusly.' Hydrogen passivat es the electrical activity of a nuniber of shallow anl deep
centers, actfivates some normially intact ive impurities, enhances the diffusivity of interstitial

0, and forms a variety of v~tcueQ(e conmple-vs .%rlth are still poorly understood. Because

it is light. 11 diffuses rather easily. Since the presence of most impurities results in
inicomipletely sat urated bonids, H interacts wvit h many dlefect cent ers by saturating weak
bonds, rearranging the locad structure, thus shifting energy levels

Hydrogen is so active that iii fact inoch less is known about isolated H iii the perfect

lattice thtan ab~out complexes such as {H.X) pauirs, w\here X is a dlonoir or ail acceptor.

%Inch of thle experimnent al ittformtat ion about isolatedl hydrogen st cuts from mnuon spin
rot ationt (/ SR ( spect rmscopv2ý i.e.. thle iniformtat ion is ahotit the po(sit ive unions, a light

isoitope of the proton.

Suinmmary of ,mSR diata

.At low temperastures, thlree center's are o3h SirVe~ inl diatuonil and silicon. With Wxrlative
altinidatices largely itndepenidenit of thle doping." The most alibutdanit ceitter ( ab out t 63.
of intcomtintg riotos) is called nourmtal mititottitmiti (.11lu) aind is characterized by alt i sot ropot

htyperfine' tensor with it a uelocahizcd bitt still imostly tttoimic waveftitctioni. Thteit coinies

atiuttialouls iiimiuiiiitiii ( .X1ii), which Lois a highlyv aiiisotrojtic htyperfiia' tetisor, with imost

of thle umipaircd electirotn localized nit two NNs tot then miimumi, andh a ntearly zero value of
lie Fermii conttac t densi ty. In indiamtond and, to a lesser ext ciii in Si t here is exper'timient al

evidence of a Mu -i Mu*a transit ion at. higher t emperatuores, shtowinig t hat Mu1 t is

lie ittnin stablde of thle twit pa ranmagtnetic species. Finially, less t howm 10'7 of intcomiing
unitontis formiti p, which is not ptaraumagntetic. lIt Si. b othI paraniagnet ic sp ecies tumndergo

traitsitioiis to p+ as thle teitijeratitre is increased to rooim teimiperatutre, hbtt inl diatmoind.

Al mi is stable (alit iini imobile) tip) to at least 1, 000 K.



358

The basic chemistry of these centers was proposed by Symons and Cox and Synions.IThe models they proposed for Miu and .110 were later confirmed by more rigorous
theoretical studies." It is now accepted that Alu corresponds to 11+c- located on the
average at the T site, and -'11u to u+c- at a relaxed bond-centered site, with the oddelectron in a non-bonding orbital primarily localized on the two NNs to the muon. Finally,p+ is A1.'*+, the ionized version of bond-centered inuoniuni. However, the possibility of
a Iu- species cannot be ruled out by the available experimental data.

A few pSR experiments" were performed in 6H- and 3C-SiC, and the results showqualitative differences between SiC and diamond or Si. First, no AMO signal is seenin SiC at any temperature. Then, in GH-SiC, at low temperatures, the pSR spectrum
consists of three Mlu signals, labeled Mu' 1

, Mou.4t, anti Mu". At room temperature.
MuA" and MNIoAt! merge into M.1 , andi only two signals remain. Finally, in 3C-SiC,,ou and p+ are present at low temperature, but pi+ undergoes a transition to .1Iu as the
temperature is increased.

Theoretical predictions

We have calculated the potential energy surface (PES) for H in 3C- and 2H-SiC.At the local minima, both first and second NN atom shells were allowed to relax. and the
electronic cotnfigurations obtained. Finally, the barriers for diffusion between the various
minima were estimated.

Figure 2 shows the relative energies of H at various sites in diamond. Si, 3C-. 2H-.and 6H-SiC. All these values have been obtained with PRDDO in our largest clusters,
after relaxation of the first and second NN atoms around H (with the exception of Esites, which are very shallow minima and very high in energy). Figure 3 shows upper
limits for the barriers for diffusion of H between the various minima,

.E (r V)

C,

SI fr

=-"I

:l I Fr,

V- IGI R. 2. LEnergy for II at variotis sites in tiaiionil St, and 3('-, 211-. and 11-Si( Ilheita.,|ed lites show the eiinrg) of wte jerlfect ihister amd tI far away The 7t.ro 4f tie energ-
corresponds to I/ at Otiw U sit,.
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FIGURE 3: Barriers for difftision for 11 nk 3C- and 211 SiC.

Discussioni

It is clea,- from Fig.2 that both interstitial sites in Si are much more stable than
any% site in SiC. Thus, if a SiC filint is grown on a Si substrate, interstitial H will not
sp~ont aneously diffuse from Si towardls Si C. butt renlain in the Si lat tice.

Hydrogen passivation is efficient inSi because H diffuses readilyaterirtiest

which mnost {X, HI complexes (X = donor or accep~tor) ar:- stable. In SiC, thle barriers
for dliffuision of H are very high. which suggests slow dliffuisioni. Titus. unless {X. H)} pairs
aire, for sotne reason. niuch more stable( in SiC than in Si. we expnect hydlrogen lpassivat ion
to be quite dlifficult to achieve in SiC.

While the BC site(s are thle most st able for H in dianiond anld Si. t hey are not lhe
lowest-energy sites in SiC'. We propose the following idlent ifica tion of thle pS H species.

Iii the 3C polv I pe. T,5 , is preferred, alt hou gh not by munch. The high barrier b~etwe'en
B C andii T.s, surgge'sts that bothI sites couild bei popuplatedci at low tetmpera tutres. Since T(.

ii iicli hiigheir in energy, only one( A! i signal shiould be seeti. a.ssociat ed withI Tsy, A! ii

anid p' correspori. to thle B3C site. XVlii cl of thle two is observed umiy depend oil t he

diopinig of the samrple anid other faictuors. However, at higher temperatures, a p' - Alit
(or .Xiu* -s .11u) cornversiorn slonild occur.

Iii 21-1-Si C. thle R site is the lowest in energy. Ad jacenit 1H sites aire separated lby a
higb harrier and arc far apart. This suggest s t hot 11 or Alit sh ouild he st ron gly localizenI
thiere. Some populaition of BC1 is possible at low tentperatur-es. but AMui* or pt slioniln
reaidily convert toi Ali as thle terrpera t urr is inrcreaised. TIhirs. thle pnSR spect rum of
211- SiC shiourld be very siriile.

lIi 611-SiC. we expect the barriers to In' of corriparable height to those ill thin' ot her
polytypes of SIC. thius allowing three local nriiriniii of thle PES to be, populated at low
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temperat tres. 13 R (fo .110 3 ) and the twot slightly ineqimivalent T,,, sites (for Mu1Al and
hoA )A small contribution of the BC site cannot be ruled out, bitt the corresponding

signal should convert to Hurl ' at higher temperatures. Rapid thermal dhiftusion between
time two Tsi sites could be responsible for the conversion of AmA!A andlAm" to , fUA
at roonm temperature.
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POTENTIAL ENERGY SURFACES AND STABILITY OF 0 IN
ELEMENTAL AND COMPOUND SEMICONDUCTORS

S.K. ESTREICHER, M.A. ROBERSON, C.H. CHU. and J. SOLINSKYt.

Physics Department. Texas Tech University, Lubbock, TX 79409-1051.

ABSTRACT

Potential energy surfaces andl electronic structures of intcrstial oxygen (0,) ill cubic C%
Si, AlP, SIC, and BN have been calculated. The equilibrium site is a bent-bridged
bond. In compound semiconductors. 0, has a larger degree of bonding with the most
electronegative of the hlost atomns (P, C'. or N') than with the least elect ronegat ive one. InI
add~ition to the barrier for rotation of 0, abiout thle < Ill > axis, wvhich does not involve
bireaking a bond. we calculated the barriers for migration between adjacent bonld-centered
sites. There are two Such harcriers in comnpoundl scimicotuluct ors. In order to est irnate the
relative stability of 0, in thle various host s. we calculat ed the energies involved inl inserting
0, inito the lattice andl dissociatitng it intot( two isolated 0,'s.

INTRODUCTION

O xygeni is one oif thle miost commor nt Iimpuri ties iii many setmicondulct ors. InI Czochralski
Si, it ca;n reach conicenttrat ions of 10" (cm-i ). The propert ies of oxygen iii Si have heeti
stutdied I sinrce the early 1950's- The niost sitable cotnfigurrat iott for isolated intterst it ial
oxygen (0O,) is a bent Si - 0 - S1 bonid 2 ` with Iibond lengthI Si - 0 ; 1 .6 A andi bondl
angle SiOSi ;:ý1600. Inl t his configuration. 0, canl rotate ahmost freely about the < 111 >
axis.' The barrier for diffulsioni between adjacent equlribihrium11 sites. whiiclh we label hol I-
c-entered (BC) for counvenieunce. is 2.56 cl' fromo stress-ilidltcedl dichiroista experimnlilts.'
Despite this high barrier, 0, becomes mobile around 450 *C, anmd oxygeti-related thermal
donors are formied,' iti addition to other aggregates which are not electrically active.
Finarlly. 0 is also foutid at. vacancies (A -center" ). hInterst itijal oxygetn atnd thle A- ceiiier in
Si have beeti St udied thIioret iciillNv,7 but recent work- has concenitrated ott 0-rclatiedl par
111111 models for TD) fortI at ion S. 7.

InI this papeilr, we report stuidiies of 0, in Severall group IV itrd group I 1l-V cubl ie
semIilcondu~c to(rs: C' (diamrorrd), SI. B P, .4IP, SiC', Itnd B.\'. Our calcurlat ions include the
equlilibriutm striuctuires. thle brarriers for rot at inn alil diffusion, thle re'lative sitabilityv of 0,
iii various hosts, and a search for trends. A sioiiliar invest igat ion" of interst it ia IH- ill thle
Samne six hiost~s has reveatled a num11 ber oif getieral ferd ures which inifhl('lcv thle stability of
11 in cubic Semlicondulc tors.

The calctulat ions were p~erfo~rmled ill mtolectilar clusters" at and trear thle ab imr-
ho Harci rev- Fork (HF) level. Fintal geomlet ries were obht aitned iii clusters of thle fornm
0.-h122B-2 2 1 12 "Sn thle "tet hid of partial ret entioln of di at omic different ial overlap"
(PRD D () Geoimet ry' opt itizat ions inivolvedl relax at ions of the first anud seecond near-

est neighiboIrs ( NNs ) of 01. Sytmetry' r coilstra ints5 were ap~plied to reduce thll mimtnlber (if
degrees oif freedomti. TIhe brarriers for diffu siorn were also calctifla te i'l n smarller (luster a'St
lie ab ih otl II F level Isinig sp lit-va lenice pilarized biasis sets. A compllet e report (if our

results will be pib~llishedI elsewhere."1

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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EQUILIBRIUM STRUCTURES, ROTATION, AND STABILITY

Interstitial oxygen cannot remain at the tetrahedral interstitial (T) site in cubsic semi-
conductors because 0,~ is ant orb~ital triplet at the T site, and is therefore Jahn-Teller
unstable. It moves off-center towards a BC site and strongly binds to the lattice. The
equilibrium configuration was obtained by relaxing C)i both parallel and perpendicular
to the bond, antI allowing its first andI second NNs to relax as well. This process was
repeated with the 0), oriented at varioujs angles around the < 111 > direction. This not
only produced the most stable BC configuration, but also gave thle harrier for rotation of
oxygen arountd the axis.

* Equilibrium Configuration: Ini group IV hosts. 0, remains in the plane bisecting
the original host-host bond and formps an equally strong bond with its two NNs. In IIl-V
hosts, 0, m1oves Off thle bisecting plane and forms a bond with a larger dlegree of bonding"3

with the. most electronegative (MIE) of its two NNs, and a bond with a smaller degree
of bonding with the least elect ronegative (LE) one. This is illustrated in figure 1 in the
cases of Si and AlP.

2.333
(0.59) Si 2 10

Si I I

950) (0.60)1

S IS

I ISA-IS

FIG t IH F 1: Calculated equiIlitbriumt conftigurationls for 0), in Si and A41P. it, elemental thost s,
01 hias a symmtetrtic conftigu~ration,. whiieI in comtpountds the degree of bonding to bhe NI at om
is larger. iThe figuire gives the bond len~gthis (A), tile dcgrees of bonding, andi the C), bond
angle. Thie dashed circles show ther unditistutrbed locationls of the host atoctins.

In conipounid hosts, the ptickeretl bond is oriented inl a way that optinmizes the overlap
between C) and one of its Second NNs: Oxygen is always closest to one of tile three secotid
N N hlost at onis wiitI theI largest covaletnt radlius."' The talcutla tedt d tipo~le muottentst of
C), aire txitieh larger iln como und~~~ thiatn in elemenetalS semiiconduictors.

9 Barrier for Rotation: Thle harrier fotr rot ation of C), abloumt tilie < 1ll > axis dhoes inot

tinvolve btreakinig a covalenit botntd. exceplt f(or tile (small) overlapt with oil one(f th lie5cond
.NNs t~o 0),. We obtaiiinedl this harrier by reopthinizitig thle geometry (first aitd second N.N~s
for various orient at ittts of 0), ahouit thle < Ill > axis. This ptrocedutre asstumes that thli
latt~tice has; enottg tim3e to ftidll relax as 0), rotates, and therefore tc('ils to uinderes ttimate

lie harrier. The cal tttlated b arriers for rottatiott are shown iti figutre 2. The 1batrrier heights
correlatte with thle Patiling iontict charatcter" of thle host.
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I I 1 I
0.8_

GaP 
BN --

*

0.6- GaAs SiCe, - - FIGURE 2: Calullated harrier, for r.,tationi] ." of 0, about t Ile < 11t > axis ;Ls a funci io;

S, P of tile Paulirug ionic charachr f, of hle iost"Z 0.4 - -- The arrows show wvhnere ,t.Is (a;d 1 are
. [(siatld -ni thils scale

0.2- Si/,X

0.0 C I
0 5 10 15 20 25

fi (%)

e Relative Stability: In order to determine the relative stability of 0, in the various
hosts, we needed to evaluate the energies relative to a common zero. We defined the
reference point as that of free 02. far outside the uldisturbed cluster ( "0•'" ). Then. we
optimized the geometry of the 02 molecule near the T site in the clusters ("0f""). Finally.
we compared these energies to that of two isolated Gi's in the same host. For example.
in the ease of Si, we compared the following energies: E, = 2E(Si II H 42 ) + E(O0 ).
E2= E(SiltH.142 ) + E(Sil.,H12 + 2 ). and E3 = 2E(Si4 IH 4 2 + 0,). Figure 3 shows
E 2 - Et and E 2 - Ell as functions of the lattice constant. For hosts with a small lattice
constant. these energy differences depend o01 the volume available. However, other factors
include the strengths of the host atom- 0 bond, as well as the overall stability of 02 and
of 0, in various hosts. For large lattice constants. these other factors dominate ind the
trend is lost.

II all cases. 0" i , 'tstable. While the 0 - 0 bond in 0' is a double hood, it
becomes a single bond when the molecule is inserted into the lattice, at a great cost inl
energy. Our results are consistent with 01" dissociating readily and fortting two 0,'s in

all the hosts.- I I I
1 ;['IIH :I 3: Upper cur%,:

50 - +C ,_, - Vi. is tie amount of

Sellergy nlltl'lI to nisrt a

S \IBN-\ P C.I' free 0, molecuile into ult,

\ 1,2 -El cIlshtr near the T site -as a

\/ fuict ion of ttie lattice Cil-

0 N N ,' iC+ -+ 11 Lower cir L'e: L'., - I:) is
S x \- the ,uerg gaineid lv dti,

es Siic\SI soc50 t1litg O, ;it tile T "ite1

t - E,- E. ,I' '- ,ll'+ U'.qi aiit forrimuiig It.' Iil- l

'l 2;tIsA I ,
5.0 60tt

aiL (A)
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BARRIERS FOR DIFFUSION

In coliipoilflh serniiiotidctors, there are two inequpivalent ways for 0, to go froiri one
configuration to another: Tile diffusion call be described as a rotation about the ME or
tile LE bust atomn to which it is attached. Diffusion will result only froiri overcomling the
largest of the two harriers. In our notation. the -A-barrier" refers to 0, m1ovinig fromi onle
BC site to the next while prescrving tile 0, - .A hond, where A is ooe of thle host atomns.
For all the diffusion barriers studied, the atomn about wvhich 0, was rotating maintained
approximately the samne bond distance and degree of boniding with 0,~ It is the other
bond which affects thle barrier height the mnost.

We exhieriericed a munhber of dit-icultics when calculating these harriers. One problemn
is thuit the bonds involving 0, are strong, and breaking themn costs P. lot of energy. At the
transi tion point, the electronic strinuctuores are difficult to describe withI one- determi inummi
waVefunictiotissioce stretched or broken bonds involve nunch inure electron correlation
than the equilibrium configuration. Further, sonic of the harriers are very high aind very
narrow while others involve very large (displacements of the atomis. Finally. there are,
at least IS degrees of freedomn that should be considered when opt imizing the transit ion
p~oinit gertiet rv. We uisedl synnincit ry ton lower thle mimmnibcr of degrees of freedoiji.

W~e have painstakingly optiniizedn the geotnen ries at thle saddle points withI PRDDO.
and~ calculated the harrier heights using closed- slell and unrestric ted ohiet-shiell wavefunc-
tions (PRI)DO). as well as polarized split-valence basis sets (ab initio HF). Thle PRDDO
calculations were done iii our largest clusters (0.4 2 ,2B,- 2 Hs2) and the ab ositio calculations
in 0.-liB.I1 8. Suprisingly, In mlanyý Cases, the barriers ohatined with all t hiree mnethods
were within a few tenthis of an ci' of each other. In a few cases, however, large discrepen-
cies occisred, caused by a dependlence onl basis. se't, electron correlation, and/or cluster

sz.Sonic of the factors which affect the barriers are the bond strengthis" betweenu the
various atomns involved,. the degree to which the bonids are stretched at tile saddle points.
lie (list ance that. 0, actuna lly moves andl if there are broken bondls at the transit ion poi mit.
tie stability of odd( electrons oil the various atonis. We stress that thiese barriers arc the
weakest part of ouir resuilts and should lbe interpretatedi with caution.

e Diamond. Tile calculated barrier for diffusion is. 3.2 (V with PRDDO and 3.6 (V at
the ab jodtio level. At thle harrier, thle two C - 0 bonds are stretched lv sonilc 25(X - The
seperation bietween adhjacenit BC sites is 0.64 A.- The calculated harrier is only slighItly
lower than the 3.7 cl' of the C -~ 0 single bond strength.

* Si: The dnistanice 0, has to travel iii order to mnove fromn one BC site, tu thle next is 1,8 A
tlie largest dist ance of all the host,% we considlered. At thle transit ion point,- thle Si - 0)
bonds are stretchied by sonic 3-4V and are necarly broken. As a re'sult electron correhit ion
effects are larger at thle tranisi tion poinit iii Si t han in niost ot her host s, where the ')eds
aire st retchied inuib le~ss It is therefore riot suprising that thle b arrie'r for diffusion iii
Si shows a st rung basis 5('t dependence. We found thle barrier to be' over 4 r V iii large
clusters with PRI)DO, only a little low~er thtan the Si - 0 bond strength (4.7 (V). If the
samei geoluietry is lisedl in smialler clusters with ab initio HF and a 6-31G; basis set, the
harrier dhrops to 2.5rci. However, wh'len second-order M~oller-Plesset corrections ) MIP2) in
elect ron correlat ion are added, t lie barrier inicre'ases to 2.7 c 1'.

* BP: The 0 - B anil 0 -P bond strengths are 5.5 ci' oall 3.9 u-V. respectively. The
calculated B -barrier is 3.5 (V. withi the 0 - P bonds st ret ched liy 17(7c, The calerla t eu
P-harrier is 3.8 r V and tilie B - 0 bonds are stretched by 25V. ButhI barriers are, about i
tlie so nie at thle P IlD DC an a( h initio 11F levels. The distance between neighboring BC

sites is abIiout 1 .0( A for hothi barriers.
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9 AlP: Thebn )0(1st rengthis are A1 -0 =4.6e V aind P -0 = 3.9r cV. As iii Si, thle lilttice

const ant of AlP is large. tile (listanice between BC sites is substantial. and the bonds1 are

nearly broken at the transition point. Tile b~arrier height v'aries again with basis set. Our

b~est estjinat e is 2.0 t(V for the Al- barrier. The P-harrier is still uroler studiyl.

* SiC: The 0 - Si and 0 - C bond strengthis are 4.9 cl' and 3.7 cV. repectively. The

calculated C-barrier is 4.7 ( V and the Si-harrier is about 1.0 cV".

* BN: The case of BN combianes the weakest. and strongest oxygeni-hocst bonds: 0 - X
2.1 cV, 0 - B = 5.47 clV, whlile B - N is intermiediate (4.0 rill), thc only such occurence

for the hosts studied here. Further. 0, is heavier than each of the host atomns. Ini tie

lowest-energy configurat ion. 0, is nearest to a N host atoni andI strongly overlaps with
Nio B atomis. This "BC" c-onfiguirationi is actuially idmiost at thle "N-barrier" transition

point. and thle onily basrrier for diffusion is t Ilie B-barrier. Ini order to nigrat e. 0, noist first

rojtate hy 60' (which requires over 0.7(l1). Then, its conifigurationi changes to a puckered

B C 1)1)1(1 5smi liir to coinfiguratlions fot no iI in otlier host s. From t his configuration. thle
B- barrier is anl addlitionial 1 (1'.

DISCUSSION

The towest enier~gy conifigurat ion for isolat e 0, ii cubic C,. Si. BP. .AIP. SiC, aid
B.X is a puck('rel B C bondl. The bond angle is 1637' il Si. arid rioicli smaller iii thle

otlier hosts. The bond puckers oward the s'coind NN' to 0, which has thle larger covalent

radiuls.

Ill elemlent a host s. 0, is sv ioiietrneal ly loca ted betweeni its two N Ns. Ili compound

hosts. 0, has a larger deg'ree of boiidiiig withI the N IE hlost atoni than withI the L E one(.

The calhula ted di pole moment of thle defect is no a-l larger iii conipou nda than iii elenieiiit a

host s.

The harrier for rot ation (if 0, increases linearly withI thle Pa) ilinig ionic chiaract er of

lie host. thle lowest barriers of rot at ion corresponiniilg to C and Si.-

It cost s from i about it13-i' to 50 1' to inisert -ril 0, mnoleculle iiito thle various hosts.- The

largest amiouiit of einergv is required ill semiiconduhctors with the Shortest lattice cotist alt.

"Near thle T site. the( 0) - 0) bond is a *4ioqle laitd. riot thle double bondl chiaracteristic of

an 02 niolecule. The, energy gained iii formiing- two isolated 0, s is shown in Fi~g.3. We
did not itivestigaite the, possible Conibiniat ion's iiivolv-inig two 0, s near eachl other.

Becaoise 0, forriis two unequal bonds withI the host atomls ill comiounaid hosts. there

reill gcui, ,Ll Iavo ways for 0, to go froini oine BC site to the next. withI twno ibiferenit
barriers. Thei calcuilat ion of barriers foir diffusion of 0), are t ricky. in part iculair when 0,
imiust niove liv- a large dist anice whieni going fromi one, BC site to the iiext.- The miore the

boiids areC stretchied. thle larger thle (-orrelI~itioni effects, anid the iiiore uiicertaiii thle result.
Iii Si arid .41P. 0, nvist naive by a larger distance t han iii other hosts. This resuilts iii

st ronugly st retchued bairls. arid horrible 'lertroib -icoifiguirat ions at t lie t ranisit ion poiiit

Ouir laest harrier for t hu diffiisioi uof 0, iii Si is 2.7 t 1'. This ihnilber was ob t ainied fromn a/u
muill' calcuuluit ions, withI a split-lea bas'is set followeid by MP2 treatmniurts. But even

this niunnihawr niluiy not bie t hat reliable since it wiis obtainied ill a smnall cluster.
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A COMPARISON OF THE WURTZITE AND ZINCBLENDE BAND
STRUCTURES FOR SiC, AIN AND GaN

Wv. It. I,. LANI LI-JII CIl aiid II. SEGALL
hopl-Inivtill of I'Ilissiis'ase W~est ern Ileserce Viiisersit s. C levelaind, Oil 440-I O-70711

ABSTRACT

lolial eiiewg anid biandi st runlireim result s if liiiear-nifiiilli-t ii oiiijtal calvi-iatimlis witlhil file
at liiicsllire-liroiiiatiiarae pireseiited for Si( . (;aN aiid AIN ill filie ziin-dliilend andu [lie

Wiict zite *' si at ire. We iisciiss 1life oicigi of filie directnIess of indiiiect iiess anid tike ielat se mag-

nilt llsv of I lie ha uii gajis.

INTRODUCTION

lit ordler il e-li ~~lct(lsbased ol thleellct riiiic aiii optical prop~eri-e 'ifthli pri iiiiisii
ii' li, aiii-gaji seiiuiciiiiilictiors SW(. GaN andi AIN. a I liiroiigi kiio%%ledge iof I lieuiill liiilkbn-

sli nutiices aiid e(iniiliriciiii ptlopert es is iei~iuril p(. Whlile soule iif this iniformiation11 is alotuul
avcailable. it apipears I hat there has not Yet been a svstemiat ic stuimlY iif the liati-i-t riit ices oI

hlis class oif muaterials tisilig thle same appriiachi. Such a stiuld~y. WshichiIlas, flie adlvanutage t hat
a lii iifi 111,rii arch ate compllarisounhe seleplli tlie Nariolts iuuaterials aiii st u-ilt tiles (i-ll hulip made. is

Aul iii hurt alit aspect of t luese itiatecials is filie pl ' il~liilptiislil. Whlile SW( has a large 111i1)I
of upilsivhus. the nuitridles (;aN all 1 AIN occih uualtiall i % oll ill filie willizile i sV I cliii lie.
.I'll"% lila ' . Ilioweser. lie stabiliZeIill th Ile Ziiiluletiode (/l) st crtlie14 is epit axial gi'mlwi Wh- \lile
hIi's iossihiilits h las alueaulv lieeii dleutotst rateil for ( a N JI1.0i is still adulalletug foit .\IN.'leoi- Is

leplitif oill AIX efr ipiii .ol.\ hlteoilitat- fotuocil iicsiil anli l iiat ii-i lii N-bitt imiilaut at ioi,

[2. )Ii\siu,,ulr a iiou-eqluililirimni sit tat Oim.

Vl pi 1 al appillicationls. tilie q~uest iiio Xh% h11Ier t lie bloailgali is direct oii iuiilreri is seri iii ii ii

lal.We \sill t hits Pa' spiecial attenltioin to this iqssue.

COMPUTATIONAL METHOD

'Ie1 uutuuletll~illg fiplitiittat iiial framuewoiuk ii5151 ill t his work is thle uleusit i fuituiuiolu;, i.,i
[31 ill fthe local deuisitc apllpoxiiiitiiol t lilA). HIP littear. iiifilhi-tiii irliital I IAII1)) uietlI 1

is uiseil ill I lie atlililiC SlIhlele' al)IllrliiIltat iiiI (\AA " ~iti tilie sou-calledl "16iiituiuei cil.lie l ii

Ini order iii apiil ' I his apllrial-It to 1111111 st rI lit tires'silt as 'u 1 auitd Wi.. so-calleu.tu "111W spiellies

ijitist bvii't rutluit-eql ill uirdule toi alllriiriatelv describue thle chuarge deleusit v anid \save fill. oiii ilts Ii liii

Ilitili-0itial re-gion. Ill t lie 711 (ase. t lie pitipiti sphlies are poisiti iiiiil at t lie let raliwilr al illiteislt itl
s;i-l. ~l-:tial sphere iailii are used oni all spiheies ill outlerti , I'd ice the, 0swil iiWl-ii.

slilsas iiiii4-li a, itissibll. Fur thll Wi 51 liii 1111'. WI iiitriiiliioi sitiall eIlptijt stilieles oillil

is Ire "Iltiveged to <I uie\v aicl-lialx ill tilie tiotal ellIiipg resuilts.

RESULTS

LI'll flt Iioiis of "tat e

Ini this seli-titi %ke pr"Ileseilt l esitit foru ( lie elregý as a floliuilill olt %li411ll1'. 6'II.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society



388

Table1: Eqisilhbnrimpoperties of SiC, AlN, GaN.
%'/molecule( A3) E,(eV/molecule) 13(M Bar) B'

SiC ZB 20.2 (20.7-) 14.1 (12.74") 2.3 (2.2') 3.9
WZ 19.9 (20.7~) 14.6 2.4 3.9

AIN ZB 20.3 12.6 2.2 :3.9
WZ 20.1 (20.8-) 13.1 (11.5'a) 2.2 (2 .1d) 3.9

(iaN ZB 22.A 9.9 2.0 4.4
WZ 1 21.7 (22.60) 10.2 (R.9') 2.2 (1.9') 4.4

E~xperimntetal values in parent heses.
a. Wyckoff (7]
1), Front enthialpies of formation given in CRC Handbook [8]
c. Carnahan. [91
d. Wettling and Windscheif [10]
e Gerlich et al. [11]

ortler to extract the equilibrium volume/miolecule. V: the cohesive energy. E,: thle hulk modulus.
B; and thle pressure derivative. B', of thle latter. Table I summarizes the results.

The overall agreement with the experin~ental values (given in parentheses) is satisfactory.
We note that our calculations zinay sligthtly overestimate the biilk r:.odulus in the WZ structure
hecause we did not tuinitnize the energy with respect to the cla ratio and internal (degree of
freedotm u. We did not attempt this since it is well known front work onl phionou-distortioiis
in Si [12] that the ASA is not sufficiently accurate for studying thle effects of small structural
relaxations. T1he required accuracy can, however, be achieved by means of thle fuill-potentia! FP')
version [12] of the LMTO-rnetlsod. W%,e recently carried out FP calculations of cuhic Si( in order
to determinie its elastic constants [131. Similar work oin the nitriues and onl tile WZ v. -uctures is
in progress. The above calculations predict the W7 structure to be stable witu ,! -pect to thIe ZI1
in al11 cases by about 0.2-0.3 ev/alolln. Uheing el al.'s waork [t141, however. indicates that ',or 5it.
the ZB structure is lower in energy than the WZ by -~ 5 meV/atomn. For GaN. Muliroz and Kunc
[15] using pseudopotential calculations; have recently found WZ to be stable with respect to Z11
1)hv only 15 mneV/atoin. To pin down these smiall structural energy differences. it appeal, to he
essential to go beyond the ASA.

Land structures

To facilitate the comparison between the band structures in the ZB and thle WZ structures. we
follow the approach of Salehpour and Satpathy [16]. The ZB band structures are thus displayed
in a double unit cell along axes in reciprocal space whlich are relevant for the hexagonal svsteinl.
We refer to Ref. [16] for a complete discussion of the relationships between the k-points in the
two crystal structumres. lit particular, we note that the point .V1 , of ZB lies at 2/3 of tipe way,
between the Al and L points of the hexagonal Brillounim zone if tile c/u ratio is ideal aed is here
indicated as X~. The symmmmetry labels of the ZB hand s,,rrmctures indicated ii, the Fials. 1-:3 are
those for the fcc Brillouin zone. The minimum bandgaps are given in Table 11.

The overall features of the hand structures agree well with pre~iomms calcumlations for Sit[1X1
amid GaN iii both structures [19] and for WZ A'N [20]. There are differences, however, in then
magnitudes of the hand gaps obtained with thle earlier empirical pseudopotential calcumlatioins
[19. 191 in which the gaps were adjusted to experimental dai.,. As is well knowvn. the gaps are
underestimated in the LDA Kohn-Shatmm eigerivalue spectrum. We have calculated a correction
to thep L.IM gap following the approach of Bechstedt and Del Sole [21]. Their nimmthnu providneq
essiemtiall , a tight-binding estinmate of the correction IG;Is to the Iluasipart ide energKv iii llediv's
Inanly-hod ' perturbation theory [22', We see that typically their prcocedlure slightly overestimates

hie correction. We nmote that our haudgaps were calculated at thle theoretical -quililriumnt lattice
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constant using the experimental c/a ratio and the ideal value of u, namely 0.375. This partially
explains the discrepancy from Ching and Harmon's value (4.4 eV) for the LDA gap of AIN
which was calculated at the slightly larger experimental lattice constant. At the experimental
lattice constant and the non-ideal experimental value u = 0.385. we obtain 4.6 eV. For GaN. the
calculations of Bloom et al. [19] obtained the bandgap for ZB only 0.1 eV lower than that for WZ
(aN. They, however, used the same form factors for their pseudopotential calculation, instead of
self-consistent quantities for each of the structures.

Next. we consider a number of aspects of the band edges, including the directness or indirect-
ness of the handgaps. First of all, one may notice that the energy of the X' conduction hand
mininma are lower in ZB than the corresponding states in WZ in all three compounds. This is in
part a result of the fact that in ZB the only state of the same Xi symmetry, with which it can
interact, lies quite deep. In a tight-binding picture, the X, valence and conduction band states
are bonding and antibonding combinations of the anion s-orbital with a cation p-orbital. In WZ.
on the other hand, this point has a lower symmetry and the state can interact with several closer
lying states. The interaction with the upper valence band states of the same symmetry tends to
push the WZ conduction band state to higher energies. There is no interaction with the nearest
conduction hand state above the minimum because this state has a different symmetry. In ad-
dition, the eigenvalues along the Al - L axis must approach each other to become degenerate at
L on the face of the Brillouin zone. because the spacegroup (CL) is non-symmorphic. This also
tends to push tip the conduction band edge at X in WZ.

fit AIN. the competing level for the conduction band minimum is the F1 state. Thus, that
state becomes the conduction band minimum in WZ. and, although it fails just barely below the
lowest conduction band state at the X-point, the gap becomes direct. In the case of SiC, however.
the l" conduction band state is higher in energy relative to the eigenvalues at the other k-points
and thus does not become the minimum 'i WZ. Rather. it is the K-point where tile minimum
occurs. followed closely (at 0.12 eV higher) by the Al-point. This leaves the band gap indirect.
The energies of the conduction band minimum at the Al-point are practically the saine in the ZB
and WZ structures, but the K-point is lowered by about I eV. The fact that the conduction band
imnimunt changes character because of these symmetry effects, explains why there is a significant
difference in hand gap (by about 1 eV) between the cubic and hexagonal SiC polytypes.

Finally. we may inquire as to why the F' state is relatively hig;,; 'Ait! -nPect to conduction
band states at other k-points) in SiC and lower in GaN compar••' o A! . ose facts prevent
SiC from becoming direct even in WZ and makes GaN direct even i: •3. '. :'i state is basically
asi aitibonding combination of cation and anion s-orbitals. As such it is quite sensitive to tlte
depth of the potential well near the nucleus. Obvioasly. Ga. being the atom with the highest
atottic number. has the strongest potential at the nucleus. The key factor in the conmparison
between SiC and AIN is the stronger ionicity of the latter. This is confirmed by a partial wave
analysis of the rc state which shows a smaller admixture of N 2s in AIN than of C 2s in SiC.
Since the cation of these ,ompounds have a larger Z than the anions, the higher cation content
in AIN itore than compensates for the slightly stronger Si potential at the nucleus.

We note that for GaN, it is important to treat the Ga 3d semicore state as a band state. It
overlaps in energy with the N 2s band and hybridizes significantly with it at most k-points except
r. We found that omission of this state leads to a larger equilibrium lattice constant, and. as a
result to a lower bandgap (1.8 eV in the LDA).

Finally. we find that the densities of states (DOS) in the WZ and the ZB structures show
systematic differences which are very similar in SiC, AIN and GaN. The valence band DOS is
itore peaked near the top of the band in WZ. These differences should be observable ill XPS
or UPS photoemission or in soft X-ray emission spectra of the valence band and may also be
identifiable it the CVV (core-valence-valence) Auger electron spectra of these materials. The
latter essentially corresvonds to an auto-convolution of the valence band density of states. This
may be useful for the experimental characterization of the cubic versus the hexagonal structure.
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CONCLUSIONS

IUsing the LMTO-ASA method we have calculated the band structures and equilibrium prop)-
erties of SiC. AIN and (AaN in the zinciblende anid wurtzite structures. We have discussed tile
origin of f lip directntess and indlirectnes of their handgaps.

']lils work was supported by ONR and the N.A.S.A. Lewis Research ('enter.

REFERENCES

I . W. Seifert arid A. Tempel, Piy~s. Statuq Solidi (a) 23. K39 (1974).

2. D. Schwabe and W. Mader. in Proceedings of the European Conference oin Advanced Mate-
rials and Processes (EUROMAIT). Aachen. Germfany. Nov. 22-24, 1989.

:3. P. Ilolienherg and W. Kohn. Phys. Rtr. 136. B864 (1964): W. Kohn and L. J1. Shavin, ibid.

140. A11:33 (1965).

4.ý tT. Volt Barth arid L. Hedin, J1. PhYs. C S. 1629 (1972).

5. 0. K. Andersen. Phy.s. Xvt. B 12. 3060 (197-5): 0. K. Andersen, 0. Jepisen. and MI. Sol). in
Flectronic Band Structure and its Applications, edited 13Y M. Yussouff. jSpringer. Heidelberg.
1987).

6. J. HI. Hose, J. Smitht and J. Ferrante, Phys. Rftv. B 28. 1835 (1983).

7. 1H. WX. 6'. Wyckoff. C'ry~stal Structure.., Second Edition. (lInterscience Publishiers, New York
1964). Vol. 1.

CR ((7Handbook of Chemnistry and Physics, edited by R. C'. Xeast. )('R(.' Press. Inc.. Boca
Haton. Fl, 1988). 69th Edition.

9. R. D. ('arnahant. J1. Amn. (0myn. Soc. 42. 2.54 (1959).

10. W. Wet Ilinvg and J. Windscheif. Solid. State Commotn. 50. 331 (1984).

11. D. Cerlich. S. L. Dole and G. A. Slack. J. Phys. C'hemn. Solids 47. 437 (1986).

12. hi. Methiferese. Phys-. Rfv'. B 38. 1537 (198R); NI. Metlhfessel. (C. 0. Rodriguez, anid 0. K.

Andersen. Phvjs. Ret'. B 40, 2009 (1989).

13. WV. H. L. Lamhbrecht, B. Segall. MI. lethifessel. and MI. van Scifilfgaarde. Phy~s. Rev'. B 44.
3685 (1991).

14. C. ('heng. R. J1. Needs, and V. Hcine. J. Phys. C'21, 1049 (1988).

15. A. Mufioz and K. Kunc. Pli1 s. Rev. B 44. 10372 (1991).

16. NI. H. Salehpour and S. SatpathY. Phy.q. Rev'. B 41. .3048 (1990).

17. Nvsvncical Data eind Functional Rflatiovsip~s in ,Srince avid Tichvvology. edited by 0.
Niadelung. Landolt.Bbrifstein. New Series. Croup 1ll. Vol. 17a (Springer. Berlin. 1982).

18. 1L. A. hlemstreet and CVY. Fong, in Silicon Carbide -19T7,. edited bY H. C. NMarshtall. .1. W.
Vaust, C. Y. Hyan. (UI'niversity of South (Caroliiia Press. C'olumibia. SC 1974). p. 2R4.

19. S. Bloom. G. Harbeke. E. Meier, and I. B. Ortenburger. Phys. Statuts Solidi (a) 66. 161
(1974).

20. W. Y. ('bing and B. N. Harmon. Phys. Rfv'. B 34, .5305 (1986).

21. F. Beclistedt and R. del Sole. Phys. REt'. B 38, 7710)(1988).

22. L.. Iledin. Phys. Rev'. 139, A796, (1965).



373

ON THE BURSTEIN-MOS) SHIFT IN JUANrUM CONFINLD WIDE-BANV GAP
SEMICONDUCTORS

KAMAKHYA P. G-AAI AND BýJTAL DL

* Department of Electronics and Telecommunication Engineering,
Faculty of Engineering & Technology, University of Jadavpur.
Calcutta 700032, India

.* john Brown E and C Inc.. 333 Ludlow Street. P.O.Box 1422,
connecticut 06902, USA.

A66 tRACT

We study the Burstein-.4ss shift (BPIS) in quantum wi-es ani
quantum dots of wide-gap semiconductors, taking ce as an
exanple. it is found that the B:44 increases with increasing
electron concentration in a ladder like manner. The numerical
values of the BIS is greatest in quantum dots ani least in
quantum wells. The theoretical analysis is in agreement with
the experimental results as given elsewhere.

with the advent of FLL, mBE, Mu-VD and other experimental
techniques, quantum wires (QWs) and quantum bts (:Ds) have in
the last few years attracted much attention not oxily for
their patential in uncovering new phenomena in material science
but also for their interesting ievice applications. In Jws
the motions of the electrons are quantized in the twd perpen-
dicular directions in wave vector space and the carriers can
move only in the single free direction LI_/. In .Ds. the dimen-
sions of the quantum well increases from iD to 3D and the den-
sity-of-states function is changed from Heaviside step func-
tion to Dirac's delta function /2_/. Though considerable work
-s already been done, nevertheless it appears from the itera-

ture that the Burstein-Moss shift (BML) in such quantum confi-
ned wide gap materials has yet to be studied. •his is done in
what follows, taking Ce as an example of wide gap sei conduc-
tors.

The Energy spectrum of the cinduction electrons in wide gap
semiconductors can be expressed Z3_/ as

E- (-Eg/2 )+ ( 2k z2 /2.n 11 )+L (Eg/2)2 +Egk S2 (t2/2m ) 1"4..
where the notations are defined in the above reference.

Ihe modified electron dispersion law in jWs can be written
using (1) as

t2 -

where M Ma=. ,C(E,n)--SEo p (PlE)-D(n)S 1 2o(E)roR(D(n) )r S

Mat. aes. Soc Symp. Proc. Vol. 242. 1992 Materials Research Society
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S=l/E. D(n) , - e2 1/2. (n nd1 12 . nl.. 3 ........ -- .2 3
"in3  (3" 1 1 ;• rL)(2m.1 1 _+m m =2 (m+2m 1/3, and d Iand d 2 are

film thickness along y and z directions respectively.Using(2),
the electron concentration per unit length can be expressed as

2mýT/tiý-kL- + A -(3
nlD = (gv / A1 

/ 2-/
n, s

where g is the valley degeneracy, A1 L= /-C(FFl.''--(I 2 2 /2m 2 )

(s/d 2 ) 2 • A 2 = .A 3 , 1 Z--A_7, A3  =2.(kr)2r -(1-2 r

r 1d2r _ _
e(2r) d--at /AI_/, k is Boltzmann constant. T is temperature

t = 1 and 3, r is the set of real positive integer where upper
limit is ko, (2r) is the Zeta function of order 2r /,4_ and
L., is the Fermi energy in Z.; case. The heavy hole energy

can, e written /5_/ as

Eh = (A- B)k 2  
(4)

where the notations are defined in /,S/. Iherefore the BAS in
Zis can be written as

A F+ Eg + E1 (5)

where 2 2 2 (t2 {2ST 2
/--E 1 - (A- B) C2 (dI-÷d 2- - /2ml ),C (E.V )-2 2

Similarly the BSM in ODS can be expressed aS

3! E F3 + Eg + E3  (6)

where E is the Fermi energy in )Ds azd can be r~latcd through
the elc~ron concentrati,)n per unit volume as

n = 3D -gV/dId2 d 3 , 3-7 1--+eXp (-g)L/.
n,t,S

•= (k 'T)- -I (h- E- -), C(L'4 n) --'it'--- (t/d ) 2 + ( t 2 (S "d;ý )21,

t=1,2,3 ...... d 3 is the film thickness along x-direction and

E =(A ) Z-d 2 + d 2-*

using the •propriate eqations together with the parameters
Z6--/ A=f|.28 h-/2m ,9=0.75 /,'2m , r 1=1.588 M , m =O.Ct, m1E g
=2.2ev, the norma'ized BAL, in Asf Ge ds d functin of
electron concentration per unit length0as showr in plot a of
Fig I whetC the circular plot Exhibits the same Jependence in_
accordance with the experimintal datas as givern eisewhere ,b6/.

The plot b of Fic.1 has been drawn by using the parabolic
energy ban-I structures 3f -e for the purpose of assessrng the
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influence ot energy band models. iMe Fig. 2 exhibits tiE all
cases of Fig. 1 for )L)s of je.

It appears from both the Fi;s. that the BMr4 increases with
increasing carrier degeneracy in non-ideal steps for both 'jes
and QDS of oe. The nuntrical values of thLB.Mo are :reatest in
QDS and the least in $Ws. In QDS the width of thE steps is
smaller and the influence of quantization of band states is
immediately apparent from the Figs.Firally we wish to note
that though the many-body effects and the influence of surface
states and charges should be considered alongwith a self consis
tent procedure, this simplified analysis exhibits tIe basic
features of BP45 in 4uantum cinfined wide gap sumioonducturs
and the agreement between the theoretical results and the
experimental iatas is significant.
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ABZZTRACT

In this paper we study the Einstein relation in superlattices
of wide-band gap semiconductors under crossfield configuration
and the formning materials incorporating spin and broadening of
Landau levels. It is found, taking GaAs/A&As superlattice as an
example that the diffusivity-mobility ratio increases with
increasing electron concentration and oscillates with inverse
quantizing magnetic field due to sdH effect. the theoretJcal

analysis is in agreement with the sugliested experimf ntal method
of determining the same ratto in legenerate materials having
arbitrary Aisnersion laws.

The semicDnluctor superlattices (STs) as orioinally proposed
by Fsaki ani Tsu, has found wide applicat.ons in many new
device structures such as photliodes, transistorslicit emi-

tters etc.zl_/. Though extensive work has already been lDne on
thu various electronic properties of such semiconductor httc-
rostructures, it appears from t1e literature that the Einstein
relation for the diffusivitv-mobillty ratio of •Ls has relative-
ly been lcss investigated /Ll. The connection of the JAR with
the velocity autocorrelation function, its relation with the
screening length and the various formulation. of the_uMR has
been studied under different physical cindit.ons /3_/. Tn this
connection we wish to note that the cross-field configuration
is fundamental for classical and quantum transport in solids
/4_/. In what follows we shall study the Einstein relation in
bts of wide bandgap semiconductors under crossfield configurat-
ion, taking GaAs/AIAS SL as an example.

In the presence of a quantizing magnetic field B along the
SL direction and the crossed electric field E along the x-axis,
the Hamiltonian H assumes the form 0

H 1 1 2/2m*+(p -euo) /2.n*+Eo-E cos(2[yp/flk )-erx (1)

hats aenote the respective operators and the other notations
are defined in /1_/. The modified electron energy spectrum for
SLs, including spin, reads

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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1~ - . e2R_ 2 2T•kz

S(n+ ')two-eEoPp/m *W0 - - -Eos-ElscOS-- - , B(2)2mOw 2 o
0

where E is the electron energy under cross-field configuration,
n, wO, g0 and/u are the Landau quantum number, cyclotron fre-
quency , spectr~scopic splitting factor at the band edge and
the Bohr magneton respectively. Considering only the lowest
miniland, since in an actual SL only this miniband is signifi-
cantly populated at low temperatures where the quantum effects
become prominent, the electron statistics can be expressed as

nmax

no=A7 Z-P (E0) + 0 (Ej). (2)
n=O

where A =M*wF .E V... d2 PE) .p of 1a+
1/2 _0 I a o o I j 1 -1/2

" b( al - b c Cos- (a - bc9j - Z l-a± + bdI/

"+ (a- bd) COS- - bd 1 L/ 1 = (E1.r- L-n+ - ){w -•

- 2 -" F FO + if , E is the fermi energy, i=N-l,
2,n*wo

r is broadening pararletcr, b = eE, Cd +esd 3 _l.

o -() = = r L- _Eo)7, r is the set of¥J (kBT) 2r (E_2i_2) • d2r
real positive integers, q7 r 2(kT) 2 (2r)

dE

and 9(2r) is the zeta function of order 2r. since the DMR
can, in general be expressed as L 3_71

S= 4L n dn/41 .n/ JE 0 4

we can combine (3) and (4) t. get the expression of the same
ratios in hide gap SL under cross-field configuration as

1 nax nmax I _-I
S= '• Z- i-- -P(E-)+Q(E-)_._J -- P(EO)+J(EO(_/ (5)

n=O n=O

where the primes denote the differentiation w.r.t. E. For the
purpose of comparison, the expressions of n0 and DMR in the
corresponding wile gap bulk materials having parabolic energy
bands can be expressed under cross-field configuration as

n
no= A1  X Z- E(Eo) + S (E o)_/ (6)

n-0
and n nmax

D (e)-1 m R(E 0 )+S(E 0o)./ . R(E 0 )+S(Eo)/ (7)

) n0 n-0
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wherc A BT7 2* 3 Lx T 2V2F 0 , L x is the sample length along x.
direction, R(E )=R.P. of Z (t + gt2) 3/ 2 -(t,+qI t 2 ) 3

/
2

_- ,ti
1 - 2 2, 1

LE - (n + -14 + g/,U B + M+ E (2B-)-- t 2 'E%/R,- -1 --'r--
g=g1+eBL ,g 1 =-m*/2• and (E) = R(Eo)

In the absence of Electric field, spin and broadening, (6) and
(7) assumE: the weAl-krown formsas I5L

max
no c

/ ~2 -
nn n0
max max -

(k_ )_/) _7 Z (9)

n=0 n=0

where the notations are defined in 6 /.

Using (3) and (5) and taking the parameters Z7_/1 E 0.05ev,
&-1.5 Tesla, Ell = 0.01 eV, m*=0.067 m , d = t, nn 0 ;4.2y,
r' = 2.3 x 10 -4 eV, go=2 anj EO=10 4 V/rm as valid for GaAs-AlAs
SLL we have plottcd the normalized DAR versus no as shown in
plot a of Fig. 1 in which the plots b and c exhibit the same
dependence for GaAs and AIAs, respectively. Taking the same
parameters as used in obtaining Fig.l we have plottel the nor-
malized DMR versus I/B in all the above mentioned cases in
Fig. 2. The thermoelectric power can be written in the present
case as D//u - nk T/3Ge"* where 3 is the thermoelectric power.
By taking the experimental values of •i as given elsewhere 6_/
we have plotted in Fig. 1 the circular points. 'he D_'1P oscila-
tes with 1/8 due to sdH effect.

Finally, it may be noted that the conclusi ins made here would
be of particular significance in view :f the fact that the swit-
ching spced and the performance of the seiniconduptor devices at
the device terminals carn be related to the DMR Z3_.
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CONDUCTIVITY CONTROL OF AIGaN
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AND
THEIR APPLICATION TO UV/BLUE LIGHT EMITTING DEVICES
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Abstract
The method for controlling the electrical properties of n-

type GaN and AIGaN have been established. Both GaN and AlGaN
films having p-type conduction have been realized for the
first time. High quality AIGaN/GaN multi-heterostructure show-
ing clear quantum size effect has been fabricated. P-n junc-
tion type UV/blue LED with double heterostructure have been

developed for the first time.

1. Introduction

In the last few years, the demand for the fabrication of

compact and high-power short wavelength light emitter in the
blue, violet and ultraviolet (UV) region, such as light emit-
ting diode (LED) and laser diode (LD) has been increasing. Ap-
plications of such devices include a new compact and high-

density optical storage system, a new full color display sys-

tem and a new medical engineering system. For the achievement

and fabrication of these new systems, the research and
development of semiconductors having large band gaps, the so

called wide-gap semiconductors should be necessary.
Aluminum gallium nitride (AI.Ga, -N: O<x) as well as gal-

lium nitride (GaN) are the promising candidate as the
material for fabrication of such a short wavelength light

emitter, because they have direct transition type band struc-
ture with the band gap energy from about 3.39eV to 6.2eV at

room temperature (RT). In contrast with other Ill-V compounds

such as GaAs and InP, howevrr, it had been fairly difficult to
grow high quality epitaxial film with a flat surface free from

cracks, because of the large lattice mismatch and the large
difference in thermal expansion coefficient between epitaxial
film and sapphire substrate.

In 1986, we succeeded to overcome these problems and to

grow high quality GaN film with a specular surface free from

cracks by the prior deposition of a thin AIN buffer layer in

MIVPE growth of GaN. The electrical and optical properties as

well as the crystalline quality can be remarkably inmroved at

the same time 11[-31. By using such a GaN film, we achieved the

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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UV stimulated emission at RT by optical pumping for the firsi

time. We achieved also the successful growth of AI.Ga_,.N with

x up to 0.4, having smooth surface free from cracks on the

sapphire substrate in the same way [3,41.

Silicon was found to act as donor in both GaN and AIGaN,

and free electron concentration has been controlled from the

undoped level up to mid 10i, cm-1 to 10o" cm-r. It has been

well known that undoped GaN shows n-type conduc'tion, and p-

type GaN had never been realized. In 1989, we succeeded for

the first time to produce p-type (aN 151 and recently p-type

AIGaN by low energy electron beam irradiation (LEEG:) treat-

ment of Mg-doped film.

Furthermore, we have succeeded to fabricate AIGaN/GaN

multi-heterostructures with good crystalline quality (6[, from

which quantum size effect has been clearly observed 171. On

the basis of these results, we develop the first p-n junction

type UV/blue LEDs with AIGaN/GaN double heterostructure. Ite

this paper, (1) conductivity control of GaN and AIGaN for ou*h

n-type and p-type, (2) fabrication and properties of AIGaN/GaN

multi-heterostructure and (3) performance of the UV/blue I-ED
consisted of AIGaN/GaN double heterostructure will be

described.

2. MOVPE growth of high-quality GaN and AIGaN thin films on

the sapphire substrate using AIN buffer layer and their

properties

A horizontal type MOVPE reactor operated at an atmospheric

pressure was used for the growth of both GaN and AIGaN film.

Trimethylgallium (TMGa), trimethylaluminum (TMAI) and armmonia

(NH., were used as source gases and hydrogen as a carrier gas.

Polished and etched sapphire crystals were used as sub-

strate. The misorientation was less than 1". In our process,

before GaN growth, a thin AIN layer about 5Onm thirk was

deposited at 600"C by feeding TMAI and NH3, diluted with H_.

Then the temperature was raised to 1050"C, and single crystal-

line GaN film of several pm thick was grown.

The surface morphology of GaN film could be remarkably im-

proved by the preceding deposition of the AIN as a but ;er

layer. GaN film with optically flat surface could he growr on

the sapphire substrate covered with AIN buffer layer. On the

contrary, the island growth occurred in the giowth o! GaN ou

the bare sapphire substrate surface.

X-ray rocking curves (XRC) measurement also revea;ed thi

GaN grown using the AIN buffer layer has high-quplity. The
full width at half maximum of the GaN film grown with th- AIN

layer is about 110 arcsec, which is the narrowest up to date

in this material. While, that of the GaN film grown directly

on the sapphire substrate is more than 1000 arcsec.
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Photoluminescence (PL) measurement also showed that

luminescence property of the GaN film can be improved by using

AIN buffer layer. In the PL spectrum at 4.2 K of GaN grown

with the buffer layer, free exciton line (E.) and the donor-

bound exciton line (1I) clearly appear, while emission bands

in long wavelength region, which may be due to deep-level

defects, are scarcely observed. On the other hand, emission

bands in long wavelengths dominated in the spectrum of the GaN

film grown directly on the sapphire substrate. Therefore, the

deep level defects in our GaN film could be reduced.

Figure I shows the electrical properties of GaN film

measured by Hall effect using van der Pauw method. The GaN

film grown with the AIN buffer layer has n-type conductivity

with an electron concentration of about 10l cm-1 or 8x10'o

cm-1 at RT, which is two or three orders of magnitude lower

than that of GaN film grown directly on the sapphire sub-

strate. The electron mobility is about 500 cmU/V-s at RT,

which is one order of magnitude higher than that of directly

grown film .

All these results (surface morphology, XRC, PL and

electrical properties) clearly show that by the preceding

deposition of the AIN buffer layer, the electrical and optical

properties as well as the crystalline quality of GaN film can

be remarkably improved.

The effectiveness of the AIN buffer layer on the improve-

ment of crystalline quality of AIGaN film has recently been

proved 13,41, and the role of the buffer layer was discussed

elsewhere [2,31.

We have also succeeded in observing the first RT stimu-

lated emission from a GaN film grown using the AIN buffer

layer, which was cleaved in a 2 min stripe and excited by a

pulsed nitrogen laser. The threshold power for stimulated

emission was found to be around 0.7 MN/cm- at RT. The detailed

characteristics of this emission was reported elsewhere 18,9].

3. Conductivity control for n-type GaN and AIGaN films

The electron concentrations and resistivilies of GaN and

AIGaN can be easily controlled by changing silane flow rate.

The figure 2(a) shows the results on GaN film, and figure 2(b)

for Alo,Ga.,0 N film. In both cases, the linear dependence of

electron concentration on the source flow rate can be clearly

observed, although only about one third of incorporated

silicon is activated. The intensity of cathodoluminescence,

which may be due to near band-edge emission increased with the

increase of doping level of Si in both GaN and AIGaN films.
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4. Realization of p-type GaN and AIGaN films

Doping of Magnesium (Mg) was carried out during the growth

of GaN film by supplying biscycropentadienylmagnesium (CpýMg)

as a Mg source gas. Compared to Zn, the vapor pressure of Mg

is rather low, and/or the sticking coefficient of Mg at GaN
surface is rather high. Therefore, Mg concentration in GaN

changed linearly according as the supply flow rate of Cp•Mg.
And, this relationship was almost independent of the substrate

temperature [101. Thus, we can easily obtain the desired Mg

concentration and its profile in GaN by controlling the
supply flow rate of Cp.Mg.

It is difficult to determine the type of conductivity of
as-grown Mg-doped GaN, because the resistivity is too high
(about 10" C -cm). The Mg-doped GaN tended to become low
resistivity by low energy electron beam irradiation treatment.

(We call this treatment as LEEBI-treatment for short [(5 ).

And it is rather easy to measure the Hall effect. It was found
that the film fends to show p-type conduction by the LEEBI
treatment. The treatment condition is summarized in Table 1.
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Table 1 LEEBI treatment condition

Accelerating voltage:3-30KV

Emission current:120 pA

Beam spot size:60 pumr

Sample temperature :RT

An ohmic contact to the LEEBI treated Mg-doped GaN layer was
achieved by depositing Au. RT hole concentration up to about
1.4x101" cm-s could be achieved. Therefore, it can be said
that Mg blehaves as an aLepicr impurity in GaN. For the read.,.
of the change of the electrical properties, we speculate that

some interstitial Mg atoms replace Ga atoms at lattice sites

by the LEEBI treatment, although the detailed mechanism is not

clear at present.
In the PL spectrum at 4.2 K of the Mg-doped GaN with Mg

concentration less than 2x1O'1cm-1, D-A pair emission and its

LO-phonon replica can be clearly observed. On the contrary, in
the spectrum of undoped GaN, D-A pair emission did not appear,

and E,-line and 1.-line appeared. Therefore, the origin of the
D-A pair emission is thought to be residual donor (D) and

doped Mg acceptor (A). This also shows that Mg acts as an ac-
ceptor impurity in GaN.

The activation energy of Mg acceptor was found to be

about 155-165meV, which is somewhat shallower than that of Zn

(210meV) [111.

As seen in the spectra of Mg-doped GaN with Mg concentra-

tion higher than 5x1011 cm-s, a strong blue emission appears

even at RT. Therefore, it should be emphasized that Mg forms
the blue luminescence centers as well as acts as an acceptor

in GaN.
By the LEEBI treatment, the intensity is remarkably en-

hanced keeping the shape of the spectrum. The Enhancement of

blue luminescence intensity suggests the increase of Mg-
related blue luminescence centers, which may be due to the
redistribution of Mg atoms by the LEEBI treatment. The

detailed mechanism for such effects of the LEEBI treatment on
the electrical and luminescence properties of Mg-doped GaN is
not clarified at present.

Figure 3 shows that 'the LEEBI effect" really appears in
Mg-doped AIo,,Gao.-N film. The intensity of purple-blue emis-
sion becomes about twenty-times stronger than that of as-

grown sample.
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Fig.3 PL spectra of the as-grown AIGaN film
and the LEEBI treated AIGaN film.

S. Fabrication of AIGaN,!GaN multi-heterostructures and their

properties

For the fabrication of AIGaN/GaN heterostructure, we
studied widely the growth of AIGaN on GaN film grown on sap-
phire covered with the AIN buffer layer. As an important
result, we found that high quality AIGaN/GaN heterostructure
with smooth surface free from cracks can be successfully
grown, when the thickness of AIGaN layer is thinner than 0.3
urn and its molar fraction of AIN is less than 0.1 (6,71.

Figure 4 shows X-ray rocking curve of (0004) diffraction

of Al 0 .,Gao.-N/GaN layered-structure with thickness 20 nm
each. The main GaN peak is associated with the GaN under-
layer, and others are with the layered-structure. This ex-
perimental result indicated by solid line agrees well with the
calculated one, which is shown by broken line. The line width

of the zero-order peak is nearly the same as that of the GaN
underlayer (that is 2-3 arcmin). This indicates that the crys-
talline quality ot the layered-structure is as good as that of
the GaN underlayer.

The PL measurement showed the first observation of the
quantum size effect from nitride-based heterostructure. In the
relationship between the shift of the emission peak energy
and the GaN well width, experimental results are in good

agreement with the estimated quantum energy levels, which was
calculated using Kronig-Penny model, assuming that m-=0.22m.
and mh=O.am0 . Band discontinuities were estimated according to
Harrison's model)LAEc:168 meV,AEv:12 meV)J12J.
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Fig.4 XRC of the AIGaN/GaN multi-

heterostructure with each thickness of 20 nm.

6. Development and characteristics of p-n iunction type
UV/blue light emitting devices with AIGaN/GaN double
heterostructures

By using double heterostructure, the threshold power for

UV stimulated emission by optical pumping can be decreased
markedly about one sixth by carrier confinement as shown in
figure 5.

Figure 6 shows the schematic structure of the new:y
developed p-n junction type AIGaN/GaN double heterostructure

diode. Typical DC-EL spectrum at RT observed from the newly
developed double heterostructure is shown in figure 7. The
blue emission peaking at 423 nm is due to the transition in
Mg-related centers in the p-AIGaN layer. And the UV emission
peaking at 372 rum is thought to originate from band to band
transition in GaN. With the increase of the injection current,
the intensity of the latter emission may overcome that of the
blue one in the same way of the homo-junction GaN p-n diode

1131. Typical I-V characteristic of these diodes is shown in
figure 8. As shown in the figure, large current density of 850
A/cm' can be obtained.
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By 1.OVPE using the AIN buffer layer, crystalline quality

as well as the electrical and optical properties of GaN and
AIGaN f ilms was remarkably improved. Conductivity control
for n-type GaN and AIGaN films has been achieved. Both GaN
and AIGaN films having distinct p-type conduction have been
realized for the first time (by Mg doping and following LEEBI
treatment). High quality AlGSN/GaN multi-heterostructure show-
ing quantum size effect have been fabricated. This is the
first time observation of quantum size effect from nitride-
based wurtzite-type quantum welt structure. P-n junction type
UV/blue light emitting devices with AIGaN/GaN double
heterostructure have been developed.
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OPIC1 L ,AND EILEcTRONIC PROPERTIES OF TILE
NITIriES OF INDIUM, GALLIUM AND AUMINIUM
,AI J THE INFLUFNCE OF NATIVE DEFECTS

T.. Tansley and R.I. Egan
Semiconductor Science & Technology Laboratories
Physics Departnent, Macquarie University
NSW 2109 Australia

The nitrides of A], Ga and In are Ill-V compound semiconductors with properties
more closely akin to those of the II-VI system and applications problems of similar
type. All three have wide, direct band gaps and relatively light, therefore mobile.
electrons. Less encoui ýingly. native point defects appear to play i si nificant role
in both optical and electronic prroperties.

Both experiment and theory point to a triplet of donor s:tales associatvd with the
nitroge•r vacancy, with deep compensating cent res deriving from antisite defects.
The ionic radius of the metal then seemis to determine the conductivity of as-grown
material, indium is reluatant to occupy nitrogen sites while aluminiuem does si
readil- and gallium is equivocal. Thus the upper donor level of InN -s not dep ,teri
and ni-tvpe behaviour is always observed, the equivalent level in AlN is al ways
overcompensated and the remaining donor levels are too deep to contribute free
electrons at normal temperatures so that the material is consistent]y insulating.
(aN may be n-type or <emi-insulating since coimpensation ratios either side of
unity appear to he possible, depending on the method of'growth.

In this paper we review the evidence, both optic:il and electrical, for the
existence, nature and ,nergetic location of the four basic point defects in each
nitride. noting in particular that all four broad luminescence hands in ( ,N:Zn can
he accounted for hv the presence of nitrogen on Ahlliun sites and of nitrogen
va ca nties.

I. Introduction

The nitrides of the three group III metals Al, (a and In have received attention
varying between the sporadic and the sustained, as specific applications have been
promoted, and as a sequence of material growth and processing strategies have
emerged.

Indium nitride is an n-iype semiconductor with a hand gap in pure material of"
1.95 eV' , often Moss-Burstein shifted to about 2.05eV in the more commonly
produced samples of high electron concentration-;I. The low conduction hand
density of states responsible for this shift suggests that the conduction electron is
light and its mobility therefore high, an inference substantiated in experimental
values 71 as high as 4 x 10:1 cm 2 Vl s., in relatively poor polycrystalline samples of
n-I101' cm 1 

. This combination of wide gap and high electron mobility suggests that
useful devices, including those luminescent in the orange spectral region, can be
constructed eventually, although we are unaware of any reports of efficient photon-
emission or of successful counter-doping of this compound.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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"T he blue electroluminescence characteristic of gallium nitride has been )f
interest over a number of years'": 3 , revived more recently as viable vapour phase
epitaxial growth methods have ' _en developedil-1'. Although direct hand-to-hand
recombination delivers an ultraviolet (365nm) phQ'- n of 3.39eV, broad-band
emission is found over much of the visible spectrum"'! depending upon a
combination of extrinsic influences including choice of dopant and growth method.
As-grown material may be semi-insulating or n-type, although doping with
magnesium is reported cI,", to produce genuinely p-type matem ial.

Aluminium nitride, in common with the gallium compound, has attracted
interest as a result of both insulating and piezoelectric properties ' . The band gap
is 5.9 eV , although this may be reduced by a few percent if stoichiometry is not
maintained, or increased by a similar margin when oxygen is present as the
oxYnitride-'2 AIN has excellent insulating properties, low dielectric loss and
dispersion of permittivity'', and can be prepared at low temperature on GaAs
substir-tes-2. leading to the possibility of mnetal-insulator-semi-,(nductr st,'ucturres
entir-ely within the illI-V system,'-' 2 .

l'och of these potential applications requires, ainonpst other 1Yictors. an
understanding of the nature of native defects in each material and in particular tht
charge states and energies of electron levels generated by the four residual point
defects nmetal vacancy V., nitrogen vacancy V% and antisite defects .MN and N\,;
likely to persist even under optimal growth conditions. Such staLtes nay trap
carriers, either presenting a space-charge particularly undesirable in MIS
structures or increasing the density of point charges ith a consequent degýradation
of mobility in conductive material. Deep levels, particularly these close to mid-gap
offer preferential recombination routes, frequently non-radiative and thus inimical
to luminescent devices. Since autocompensation, involving the interaction between
dopant atoms and doping-generated point defect compensators, has limited the
range of applications of direct wide-gap II-VI compound semiconductors, it is
possible that similar interactions may be influential in the Ill-N system. It is
therefore germane to examine the substantial amount of experimental evidence for
the existence and nature of point defect levels in these compounds, in the light of
theoretical guidance provided by Jenkins and Dow2-".

Since calculated electronic structures show the same commonality of features
across all three compounds as do a broader range of properties27, we remark first.
on general theoretical and experimental approaches.

II Theoretical Considerations
11.1 Hydrogenic centres

Where the potential surrounding the defect varies only slowly, an effective mass
treatment can be employed. The energy levels are given in terms of the effective
Rydberg energy RH by:

E= Rn/n where RI, = q'm*/2(4itr,)"h ... 11

This result is valid only for shallow, single donors or acceptors in non-polar
semiconductors with spherical constant energy surfaces close to the band extrema.
Only the last of these conditions is met in III-N compounds and only the nitrogen
vacancy, VS , is sufficiently shallow in all three to be susceptible to a hydrogenic

treatment. Substituting Zq for q for a multiple donor of degeneracy Z extends the
model successfully to excited states while underestimating the ground state
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energyi' `1. Extension to polar materials requires the inclusion of the coupling
between electron and optical phonon modes. The collective, polaron, excitation has

mass m, given, in the usual nomenclature, by:

p* (1 ,a./ 12)/(1- a / 12) ,where a= (q' /4rnrh)(r--'- r')/(m'/2ho)) ... (2)

Here C- and E, are the high and low frequency relative permittivities respectively.
Table I brings together calculated hydrogenic ground and first excited energies

for hydrogenic donors in the I11-N compounds and relevant parameters. Equivalent
data for GaAs and InP are included for comparison. The correct choice of a value
for permittivity, F,, in equation I is made, following Ridley•28, by observing that

I,,, > hoi, for all three nitrides so that e, = E- .
The photoionisation process which takes an electron from a neutral hydrogenic

donor into a parabolic conduction band is characterised by an absorption coefficient
cc, which depends on photon energy h o as:

a-(o,- E ))I/(hzo)5 .

where ED, is the excitation threshold energy.
Equation (3) represents a narrow absorption peak whose maximum is at an

erergy 5E,/4 . In a typical experiment, the threshold is much more sensitive than
the peak to thermal broadening, so the latter is used to estimate the former.

In most semiconductors the mobility of a thermally generated free electron is
sufficiently insensitive to temperature to allow a direct interpretation of donor
depth from temperature dependence of conductivity (5T), since:

a(TP = (Y. exp t- E,) /kT) ... 4)

The value of E0 obtained experimentally from equations (3) and W4) may not
coincide since the techniques do not measure the same quantity. There may be a
significant difference in the strongly polar lattices of the nitrides. for which
available experimental data are discussed in section III .

TABLE I Data for modifiQd-hydrogenic calculations

All energies are in meV. Suffixes to Rydberg constants are: 1 and 2, singly and
multiply charged donor states; 0 and P, unmodified and polann-modified values.

E- E, m*/m h", hui, R*,10 R* WHI R*,1 , ai

InN 8.4 15.3 0.12 89 57 23 90 24 94 0.24 1.04
GaN 5.5 10 0.20 79 70 90 360 97 390 0.48 1.083
A]N 4.7 8.5 0.33 97 82 200 800 216 890 0.65 1.114
GaAs 10.9 13.18 0.067 30 32 5.24 - 5.33 - 0.088t 1.015
InP 9.5 12.35 0.08 39 43 7.14 - 7.29 0.127 1.021
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11.2 Quantum defects and deep levels

Even if core effects cannot be ignored, an effective mass approach may still be
appropriate provided a quantum defect ground state wavefunction is used. Here the
absorption coefficient, 6Q , for a neutral centre, a deeper occupied donor for
example, becomes:

aQ (•w - E )Y2 /(()3..5)

A significant feature of this result is that the energy at the absorption peak is
twice that at the threshold EQ.

The energies associated with deep levels, where the effective mass approximation
breaks down completely, can be determined using techniques not unlike band
structure calculations. Jenkins and Dow( 26

1 and others1 29
.3

0' have employed a
technique attributed to Hjalmarson et al.'."' in which empirical tight-binding
theory is used to determine an effective defect potential V, but the effects of long-
range coulombic potentials and charge splitting of the levels are neglected. It is said
that uncertainties of a few tenths of an eV result2d%, clearly of experimental
significance in the case of levels in the proximity of the band edges.

Cross sections for the photoionisation of deep levels depend upon whether the
impurity state is s>-like or I p >-like. The relevant absorption coefficients take
the form:

S•. (ho - E,, • hw (Is>) ... (6)

a,,,• (th(o - E,,)'' /hto) (Ip>) ...(6bt

Since; a) deep-level threshold energies are large, by definition, and b) densities
of states away from the band extrema cease to be parabolic, the likely range of
usefulness of (6) is confined to the vicinity of the experimental absorption edge.

III Exwerimental Data

In comparison with other III-V compounds, basic data on the optical and
electronic properties of InN and AIN are sparse while GaN has been more widely
studied. Much of the experimental work has involved polycrystalline thin films with
large surface area to volume ratios in which surface states play an important role.
Single crystal GaN and AIN have been studied but not specifically for defect
properties. Recent advances in deposition of GaN films05

-
18

.
3 2

.
33

,
3 41 , in particular by

molecular beam epitaxy (MBE), and metalorganic chemical vapor deposition
(MOCVD) may permit the resolution of some of the features of defect behaviour.

In the following discussion of experimental results, data are quoted for material
prepared by a variety of techniques, often with little detail reported on either the
method or the micromorphology of the product. Since these are crucial to the
determination of defect content, it is not possible to speculate in many cases
whether the defects ascribed to particular energy levels are plausible. Our
previously published results'1 .72 7' have all been obtained on radio frequency
reactively sputtered (RFRS), polycrystalline films. New results appearing here are
from films grown by either RFRS or laser activated chemical vapour deposition
(LCVD) 12,
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Each of the nitrides is also susceptible to oxygen contamination on exposure to
atmosphere. In the case of InN a few surface monolayers are converted to the
oxide-3 while absorption bands at 4.45 and 4.95 eV in AIN have been ascribed to
oxygenm3 . The problems are most acute in AIN where an oxygen solubility limit of
8% is reported'" and both the oxide and oxynitride may occur during growth unless
strict precautions are taken for the exclusion of the impurity from both deposition
system and precursors'-1

A survey of the room temperature optical absorption spectra of InN, GaN and
AIN in the energy range 40 meV to 6 eV shows the three compounds to have a
number of features in common: a) direct band-to-band absorption edges, b) band
edge tails and mid-gap absorption features of extrinsic origin and associated with
crystal defects, and c) optical phonon absorption structure in the infrared.

Each of the compounds additionally shows at least one electron trap capable of
thermal excitation into the conduction band over some temperature range.

Band-to-band absorption in polycrystalline RFRS film samples",! is typical of

direct F ( F - F, in this case) transitions and yields minimum transition energies

of 1.94 eV , 3.40 eV and 5.94 eV for InN , GaN and AMN respectively. The value for
InN , which shows a significant Moss-Burstein shift above the low electron
concentration limit of 1,89 eV11, is for a sample of nr 109 cm-3. We now discuss the
levels introduced by the native defects in each of the nitrides.

111.1 Indium nitride

InN has received very little attention because of the difficulty inherent in the
preparation of stoichiometric samples. High mobility material with electron
concentrations below 1011 cml at room temperature has been prepared by RFRS
with balanced target nitridationj3 1a. Figure 1 identifies the five distinguishable
energy levels observed in the gap and further includes the result of the hydrogenic
calculation from table I and the deep-level calculations of Jenkins and Dow.

A shallow level appears as a shoulder at 50 meV on the 60 meV infrared
absorption peak associated with the LO phononý" 7 1. The threshold energy of 40
meV agrees well with the 45-50 meV thermal activation energy measured in
samples with carrier concentration between 7xl0'6cm3 and 1017cm- at room
temperaturei391. This group of samples reached an exhaustion region below 150 K
with n in the range 2.5 to 7 x 10's cm 3 . No further variation in concentration was
observed down to 25 K, a temperature at which kT= 2 meV , the absence of carrier
freeze-out implying an additional donor-like level very close to , or resonant with,
the band edge.

An important feature in the absorption spectrum of InN is a broad band centred
at about 0.2eV, and with a full width at half maximum (FWHM) of about 0.25
eV-1, which has been interpreted as either a deeper donor level or a compensating
acceptom'16x,*9. The width of this peak precludes detailed analysis as a strictly
hydrogenic state whilst its shallowness suggests that a deep-level approach is
equally inappropriate. Excitation thresholds are obtained by plotting the quantity

ay'(tw)' vs h•o in accrordance with equation 5 we have found excitation thresholds
of 0.155, 0.215 and 0.255 eV in three samples of room temperature electron
concentration 5 x 1016, 1 x 1081 and 1 x 10'8 cmI respectively. The energies of peak
absorption, are 0.31, 0.37 and 0.41 eV respectively and threshold and peak energies
both increase with electron concentration at a rate compatible with the filling of
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conduction band states. The shift in absorption edge indicates a low-concentration
limit of about 0.15 eV for the threshold energy.

Figure 1 Distribution of defect
levels in the band gap of InN. The
states in column I are those
reported from experimental studies
and fall into five groups, A to E.
Column 2 shows the result of .
donor-level calculations in the L_
modified-hydrogenic approximation
from Table I. Column 3 data are
the electron states calculated in C -

reference 26 for the following
defects: I=V, , II=In, , III=N1 ,,
IV=V:,. -I

Indium Nitride

Evidence thus points to a relatively deep donor level at about 150 meV below
the conduction band with a second level at 40 meV. The energy of the former is
close to the predicted hydrogenic ground state for the double donor associated with
the nitrogen vacancy and within the range predicted by deep-level calculationsý2-*
Details of its absorption line shape are better described, however, by a quantum-
defect analysis intermediate between these two approaches. The shallower level
becomes identifiable as elevated by coulomb interaction when the donor is doubly
occupied.

The persistence of a significant electron concentration down to temperatures
where kT is of the order of 2 meV indicates that the prediction of a third donor
level, resonant with the conduction band, is also correct. Finally we note that
absorption strength within this band increases with electron, and therefore donor,
concentration1 391 as the above interpretation would require.

When free carriers are excited in n-InN, charge balance requires t = V .
However, mobility measurements indicate that ionised impurity scattering involves

a component due to charged, compensating acceptors. Compensation ratios ND /
NA between about 1.3 and 3 have been inferredM . This evidence suggests the
involvement of the In, , V,, and N,, defects, each of which includes hole states
which would be empty (of holes) and therefore carry a negative charge when the
fermi level lies close to the conduction band edge. Two absorption features,
appearing as longer wavelength tails on the band-to-band absorption edge, can be
identified as follows.

In low-doped material, n < 2 x 10'7 cma plots of ct2 vs h(o yield straight lines,",
with thresholds EDP between 0.9 and 1.2 eV in accordance with the prediction for

EDp I p> like states of equation (6b). The apparent threshold energy varies strongly
with electron concentration for this group of samples with the shallowest (0.9 eV)
occuring in n = 2.3 x 10"cm<1 material and the deepest (1.2 eV) in our lightest
doped sample at n = 1.1 x 10'1cmý.
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- J Figure 2 Absorption data for deep
I levels in InN, GaN and AIN. In

S, vaccordance with equation 6a, the
7 MN• •absorption coefficient a is plotted as

0,4 " ala(ha)o) against ho( and yields threshold
j energies of about 2/3 EG in each case.
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In higher doped samples, n > 5 x 10'cm3 , an absorption tail with threshold
energies between 1.35 and 1.65 eV , and no systematic variation with electron

concentration, is observed. This result is obtained from linear plots of aX(hu)Us,

hwo, an example with Es = 1.5 eV is shown in figure 2 along with similar levels in

GaN and AIN, and indicates the involvement of Is> -like states as shown by
equation 6a.

These two defect bands may be associated with the calculatedc- In. levels at
about 0.8 eV and deeper N, levels at about 1.5 eV. We note, however, that low
electron concentrations are obtained experimentally by increasing nitrogen content
in order to minimise V, donor concentrations, at the same time increasing N,, .
Similarly, reduced nitrogen concentration yields higher electron concentrations
brought about by the increase in VN while commensurate with this would be an

increase in MN . The experimental leV level in low-doped material is therefore
more plausibly associated with the presence of N, while the deeper 1.5eV level can
be associated with its converse InN.

111.2 Gallium Nitride

GaN, with a bandgap of 3.4 eV has proven to be rather easier to prepare than
InN and a good deal of information on defect levels has been gathered. This is
collected with relevant calculated values in figure 3. Shallow donor levels have
been reported in GaN with energies 10-40 meVfl,4o1 (group A) and 110-115 meV43c"'l

(group B) both from the temperature dependence of carrier concentration and
optically. Single reports of miscellaneous energy levels in this region also exist
although, in general, their nature has not been posited. Vavilov et alY!1 suggest
either impurities or native defects to be responsible for the 110meV level,
considering also the possibility of absorption by excitons although these are now
known to be considerably shallower. Tansley et al.1- ascribed these levels to
nitrogen vacancies. Thermal activation analysis of their insulating GaN reveals a
donor (group C of fig. 3) the depth of which varies between 0.23 eV'411 and 0.39 eV-"'
and is generally coincident with a modified hydrogenic estimate of about
0.39 eV (table 1). We therefore suggest that the three electron states associated
with V, in GaN are located at about 30 meV, 100 meV and 0.4 eV below the
conduction band.
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A deep level is observed in thermal activation to be between 0.8 eV and 1.1 eV
below the conduction band edge141.13.44."] (group D of fig. 3) and has been variously
attributed to gallium vacancies or carbon impurities. A better interpretation is that
the level represents the nitrogen antisite defect predicted by Jenkins and Dow.

The deep trap (group E of fig. 3) which we observe as a band tail absorption
feature'(, has a threshold in the range 2.3-2.7 eV when plotted as an I s>like level.
An example is included in figure 2. The proximity of the level to the 2.8 eV
prediction for GaN of Jenkins and Dow suggests a correspondence.

A level at 3.264 eV (F) has been identified[ 2.- 47,48s (by photoluminescence of doped
single crystal GaN) to be a result of gallium vacancies and agrees well with the
location predicted by Jenkins and Dow.

Much of the detail available from luminescence spectroscopy of GaN is concerned
with samples including at least one of: i) heavy doping, ii) high compensation levels
and iii) non-ideal crystallinity. It is clear from a survey of the published data that
many spectral features are independent of the introduced species and therefore
involve native defects.

Edge emission at room temperature and in undope.• material is at 365nm
(3.39eV), an excitonic photoluminescence peak displaced by about 30meV from the
direct band to band transition energy. Study of this feature at lower temperature
has furnished much detail on exciton structure in GaN[45

.49).
The introduction of zinc as a compensating centre generates a broad blue

emission peak centred at about 2.92eV' 47 ;, indicating a recombination centre at
about 470meV above the valence band. Extinction of this peak at higher
temperatures has a dependence suggesting a relaxation energy of about 330meV for
this centre acting as a hole trap in thermal exhaustion. Coincidentally, the
introduction of phosphorus as an alternative compensator to zinc yields almost
identical photon and hole emission energies(sl.

Figure 3 Distribution of defect 3

levels in the band gap of GaN.
The states in column I are those
reported from experimental
studies and fall into six groups [
A to F. The gallium vacancy, F,
at E,-3.264 eV is often seen in >

luminescence studies. Column 2
shows the result of donor level .
calculations in the modified 5

hydrogenic approximation from []
Table I. Column 3 are the
electron states calculated in
reference 26 for the following 0.5

point defects: I=VN, II=N•, -

III=Ga.,, IV=V,. o.0

Gallium Nitride
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In addition to the blue peak, GaN:Zn emits broad bands in the green (centred at
about 2.6eV), orange-yellow (2.2eV) and red (1.eV) regionsU6 ,5 2). Whilst the 2.6eV
band requires Zn (or other similar) compensation, the 2.2eV emission occurs in VPE
grown material in which carbon has precipitated5 21. Most significantly, this band
has been observed in samples implanted with no less than thirty five atomic
speciesý541 , clear evidence of its defect-related nature. The red emission band is
variously reported as centred between 1.65 and 1.85eV, is also certainly defect-
related but appears to have some dependence upon the impurity species
introduced[541.

A possible scheme for the involvement of the defects identified in figure 3, and in
view of the above discussion, is suggested in figure 4. Band to band emission at
3,39eV (transition I) is superseded by preferential recombination via the
compensator when zinc is introduced (II), yielding blue 2.92eV luminescence and
locating the zinc level at about Ev+470meV. Since the nonstoichiometric nitrogen
vacancy is always likely to present, donor-acceptor recombination is an obvious
candidate for green emission (III). A peak centred at 2.56 eV would require VN to
be located about 360meV below the conduction band and this correlates well with
both calculated and measured values for donor ground state energy.

The independence of orange-yellow emission (IV) of extrinsic dopants suggests
the participation of a defect level at a depth of about 1eV and the experimentally
observed centre, which we have suggested is associated with the N(,, antisite defect,
(figure 3) is an obvious candidate. Finally, we point out that the energy difference
between this centre and those induced by a group of impurities, including P and Zn
is about 1.75 eV. The location of this energy within the red emission band leads us
to the tentative allocation (V) of red emission to a Na- acceptor transition.

Figure 4 Suggested scheme for .
the involvement of native defects -- - _

in the four principal luminescence
bands (II:blue, IIJ:green,
rV:orange-yellow, V:red) in GaN, I

either Zn compensated or
undoped. The ultraviolet
emission (I) is direct band-to-band -

recombination-emission. .__

111.3 Aluminium nitride

A surprising volume of information is available on AIN although its popularity
stems from its use in tribological and diffusion-resistant coatings rather than its
semiconducting properties. Thus while it is relatively simple to prepare, until
recently material quality has not been optimised for electronic properties and the
values available are many and varied. Those attracting some concensus are
collected in figure 5, along with the modified hydrogenic result and the predictions
of Jenkins and Dow. Again the range of values reported for the donor excitation
falls into three groups at about 170, 500 and 800-1000 meV [12•-. Recently, we
have reported a study of thermally activated conductivity in A1N-•, identifying a
deep donor level at 790 meV. This agrees surprisingly well with the values
predicted from the hydrogenic (800 meV) and deep level (500 and 1000 meV)
approaches in view of the shortcomings of each in this energy range. By analogy
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with InN and GaN it is therefore reasonable to assume that a donor triplet at about
200 meV, 500 meV and 900 eV is associated with V, in AIN.

A deeper level with threshold 1.4-1.85 eV:.19.s5.s9,.A6 has been repeatedly observed
and can be identified with the calculated level of 1.6 eV for NAI.

Deep level excitations have been observed with a range of thresholds. The band
tail absorption analysed in the same way as for InN and GaN is included in figure 2
and has a range of thresholds between 3.4 and 4.5 eV. An example at 4.5 eV is
shown, while other workers have reported 3.45 eV13', 3.1 to 3.7 eV(59' and 4.2 eVa.
Although the V., levels are predicted to lie within this range, the similarity of
behaviour to the metal autisite defects in InN and GaN suggest that Al, is

responsible.

Figure 5 Distribution of deep levels
in the band gap of AIN. The states
in colunm 1 are those reported from
experimental studies and fall into
five groups A to E. Column 2 shows
the results of donor level
calculations in -the modified

Shydrogenic approximation from
I Table I. Column 3 data are the

- electron states calculated in
reference 26 for the following point
defects: I=V., lI=V,, I11=N,

', WV=V,,, V=V.,,, VI=Al,..

Aluminium Nitride

IV Summary and Conclusions

Median values of experimentally reported defect-related levels in the three group
III metal nitrides are brought together in table II. A common feature is the presence
of a triplet of shallow, donor-like levels associated with nitrogen vacancies the
depth of which increases for lighter occupants of the metal site.

The presence of deeper, compensating antisite defects becomes
thermodynamically less probablej271 as the atomic mass difference between gpIII
and gpV components increases. Thus InN, with very shallow and uncompensated
donors is invariably an n-type semiconductor, while AIN, with a much deeper donor
and high compensation levels, is invariably an insulator. GaN lies between these
extremes of behaviour, as might be expected from a combination of a donor of
moderate depth and some tendency to compensation, and the selection of growth
method dictates the conductivity obtainable. It is worth noting that the available
level of control in as-grown GaN is commensurate with the much greater effort thus
far devoted to it.
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TABLE It Probable Assignment of Experimental Data (median values)

Nitride VN, donor triplet (meV) NM (eV) M, (eV) V,(eV) E,(eV)

InN 0 40 150 1.05 1.5 - 1.89

GaN 30 110 390 0.9 2.3 3.264 3.4

AIN 170 500 900 1.7 4.5 3.8 5.9

Because it is a) heavily occupied and b) sufficiently shallow to have a large
optical cross section for excitation to the conduction band, the 150meV donor level
in InN provides a significant spectral absorption feature. Examination of this level
in quantum-defect terms is fruitful and a revised threshold value,' is obtained.
Threshold energy varies with electron concentration in the conduction band in a
way entirely compatible with the band-filling process respmn•H,!e ffo- the Mo;;-
Burstein shift'361 in optical band gap. A low-electron-concentration limit of 150meV
is deduced.

A hydrogenic treahment of donor levels yields results close to those obtained
experimentally, surprisingly since both depth and complexity would suggest the
approach to be inappropriate.

Deep levels in gallium and aluminium nitrides, in most respects, appear to have
the general features predicted by Jenkins and Dow. The location of the NA, antisite
uel-ct at about 1.7eV is well substantiated by a number of reports in the range 1.4-
1.8eV whilst the N., prediction of about 0.45eV is somewhat shallower than
experimental data between 0.8 and 0.9 eV. The M, antisite and V.M vacancy defects
all lie within the bottom half of the respectic bands and are manifest as absorption
tails on direct band to band spectral edges. Here additional information on the ý s>
or I p> like character of the defect helps in identitication.

The gallium vacancy observed in studies of GaN luminescence is at 3.26eV below
the conduction band and close to the calculated value of about 3.3eV. The GaN
band tail, and I s> like absorption feature with threshold in the 2.2-2.5eV range,
can therefore be attributed to the GaN antisite defect with some confidence. Similar
I s> like features appear in AIN between 3.4 and 4.5eV, a range embracing the
predicted VAI antisite defect, while its converse, AIN , is calculated to lie somewhat
deeper at about 5.2eV. Studies of the effect on optical properties of the in-diffusion
of excess aluminium strongly suggest that the I s> like feature is associated with
A], rather than V, , a view supported by its similarity to GaN.

The situation in InN is less clearly related to the predicted levels for InN at 0.8eV
and N1. at 1.5eV. We find, in a large number of reactively sputtered samples which
we will call type I, an I s> like level between 1.35 and 1.65eV, experimentally
similar to the MN antisite defect in both gallium and aluminium nitrides and also at
about 2/3 bandgap. Present in other samples is a type II feature, rather shallower
at 0.9 to 1.2eV and of I p> like character which, if the above allocation is correct, is
associated with N,,. These allocations are the reverse of the theoretical
prediction( 26 1. Whether a sample is of type I or II depends upon the circumstances of
its growth. Type I are typically prepared at higher growth rates and lower nitrogen
pressure from less-nitrided targets, conditions which yield high nitrogen vacancies



406

concentrations evident in high electron densities, (n>5 x 1017 cm-3) and more
favourable to the generation of In, antisite defects. Type II, on the other hand, are
grown at lower rates, with higher nitrogen pressures and from fully nitrided
targets. These conditions yield low V, concentrations (n<2 x 1017 cm-3) and are
conducive to N,~ antisite formation. Accordingly we conclude that the levels
associated with nitrogen occupancy of indium sites is shallower, at about 1eV, than
its converse at about 1.5eV.
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ABSTRACT

Extensive and systematic studies on reactive magnetron sputtering of InN thin
films are summarized. The films have been deposited onto several types of substrates,
with variations in such process parameters as deposition temperature, partial pressures
of reactive and inert gases, sputtering power and gas flows. These films have been
characterized by measuring their electrical, optical, structural and morphological
properties. It has been shown that epitaxial growth of InN occurs on the basal plane
of single-crystal (00.1) sapphire and (001) mica substrates and on the (111) face of
cubic substrates such as silicon and zirconia.

Two principal problems currently limit the usefulness of thin films of InN. First,
although epitaxy can be attained with the proper choice of substrate type and
deposition temperature, the resulting film is an agglomerate of epitaxial grains -- not a
single crystal. Second, all magnetron sputtered InN films prepared to date have low
mobility and high carrier concentration (likely due to nitrogen vacancies). In an attempt
to address these problems, experiments on the growth and characterization of
sputtered InN films have been carried out and are discussed here with particular
emphasis on seeded heteroepitaxial growth and the effects of film deposition
temperature.

For example, it was found early that the growth of InN on the bare surface of
several crystalline substrates at growth temperatures near 3500C results in a
morphological transition that causes a degradation of semiconducting properties. The
predeposition of an AIN seed layer inhibits this morphological transition and stabilizes
a relatively high mobility state, but a still too high carrier concentration obtains. Further
progress critically depends on optimizing the seeded heteroepitaxial growth technique
in conjunction with the achievement of InN films with lower density of nitrogen
vacancies.

INTRODUCTION

The Group lilA nitrides (AIN, GaN and InN) are an isostructural family of
semiconductors that hold great promise for optoelectronic applications in the visible
and ultraviolet regions of the spectrum owing to their wide, direct bandgaps (6 eV, 3.4
eV and 2 eV respectively). The potential for high efficiency optoelectronic devices
based on these semiconductors can be realized by optimizing the growth of each
family member, controlling doping type and forming alloys (e.g., Alxln1 .xN) to be used
in heterostructures. The growth of InN is particularly important for visible light photonic
applications as it is the member of the family with the smallest energy gap. By alloying
InN into either AIN or GaN the bandgap can be lowered to the 2-3 eV range, a critical

Mat. Res, Soc. Symp. Proc. Vol, 242. 1992 Materials Research Society
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range for making high efficiency visible light sources and detectors.
The early report [1] of deposition of InN by reactive sputtering with carrier

concentration of 7x1018 cm3 and mobility of 250 cm2/V sec, followed later by the
report [2] of growth of polycrystalline films with carrier concentration of 1016_1017 cm-
3 and mobility of z4000 cm /V sec by reactive rf-diode sputtering pointed out the
efficacy of sputtering for the deposition of this semiconductor. Although the
semiconducting properties of these films were very promising, the extremely long pre-
sputtering and sputtering times, the polycrystalline structure of the films and the glass
substrates employed were not compatible with the fabrication of modern devices,
including those based on heterostructures and quantum wells. One of the long-range
goals of the research reported on here is the preparation of single crystal films of InN
by reactive magnetron sputtering for the investigation of intrinsic semiconducting
properties and for eventual device applications. Unfortunately InN prepared in other
laboratories, [3-7] including ours [8] universally has high carrier concentration :1020

cm-3 with concomitant low mobility < 100 cm2 /V sec.
The high carrier concentrations exhibited by InN films are believed to arise from

nitrogen vacancies created during the growth process or from unintentional oxygen
doping either during growth or following exposure to atmosphere. It is also quite
conceivable that these two mechanisms could act cooperatively with the nitrogen
vacancies making the material even more susceptible to oxidation. Unfortunately.
severe experimental constraints arise from attempting to resolve these concerns.
Oxygen must be rigorously excluded from the growth chamber and exposure of the
sample to air prior to characterization should be avoided if possible. Also, in order for
stoichiometric films to be grown, a high density of atomic nitrogen is necessaqry at the
reaction site and high growth temperatures should be avoided (given the thermal
instability of InN).

The difficulties associated with the growth of single crystal films of InN arise
from this low temperature deposition constraint, the unavailability of bulk singlr, crystals
of the semiconductor (due to thermodynamic considerations), and a lack of substrates
sufficiently lattice matched to allow unstrained heteroepitaxial growth In this context.
Table 1 presents the variety of substrates employed in our studies along with their
calculated lattice mismatch with InN.

Table 1

Substrate Crystal Face Lattice Mismatch

A120 3  (00 1) 28.8%
Mica (001) 17.9%
ZrO 2  (111) 3,0%
Si (111) 7.8%
GaAs (111) 11.5%

The approach taken here to optimize the growth and semiconducting properties
of InN thin films entails: (1) depositing under a carefully chosen set of process
conditions (substrate, temperature, sputtering power, reactive gas mix, etc.); (2)
measuring and interpreting the structural, compositional, morphological, electrical and
optical properties; and, (3) feeding this information back by altering the process
pa,'ameters based on the interpreted data This optimization process develops most
intelligently when taking advantage of breakthroughs such as that recently found for
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seeded-heteroepitaxial growth of GaN on sapphire [9).
In what fullows, the results and interpretations engendered through this

approach to the growth of single-crystal InN films are recounted.

EXPERIMENTAL

The magnetron sputtering system used to deposit these films has been
previously described. [81 It is built on a liquid nitrogen trapped, diffusion pumped
vacuum station capable of pressures on the order of 5x10 8 Torr with a pumping speed
of 2000 I/s. Within the limitations of high vacuum technology, two measures are taken
to lower the risk of oxygen contamination of the film during growth; a high efficiency
organic resin gas purifier is in the inlet gas line and a Meissner trap, that surrounds the
growth area, is maintained at liquid nitrogen temperature while sputtering. Dual
magnetron sputtering guns are mounted below a rotatable arm carrying a variable
temperature substrate fixture.

One gun is fitted with an indium metal target of purity greater than 99.999% for
the deposition of InN. The second gun is used primarily for the deposition of the
nucleation and buffer layers employed in seeded heteroepitaxy studies but could also
be used for preparing multilayer films. A wide variety of substrates are employed
including single-crystals of sapphire, silicon, gallium arsenide, mica and zirconia and
amorphous substrates such as glass and fused quartz. Process parameters (such as
substrate temperature, sputtering gas pressure and sputtering rate) are varied to
optimize growth.

Samples are characterized by the measurement of their structural,
compositional, morphological, electrical and optical properties. Microstructure and
crystallographic texture are determined by X-ray scattering methods using a Read
camera (CrKa radiation), in reflection, and a Buerger precession camera (MoKa
radiation),in transmission. Most compositional analysis has been performed using
scanning Auger electron spectroscopy. On a coarse scale, film thickness and surface
roughness are measured with a stylus profiler. A scanning tunnelling microscope
(STM) is empioyed to determine the micro-topography of the samples which, under
favorable conditions, can be related to The grain structure. In addition, textural,
structural coherence, and interlayer diffusion measurements are carried out by
transmission and scr ."ning electron microscopy. Electrical resistivity and Hall effect are
measured over a wide range of temperature (1.4-320 K) and magnetic field (0-7T).
Finally, the optical properties of the films measured over a large wavelength range (0. 1
Mm to 50 gm) using a variety of double beam spectrometers.

RESULTS AND DISCUSSION

The results of a succession of experiments on the growth and characterization
of sputtered InN films are discussed here with particular emphasis on seeded
heteroepitaxial growth techniques.

Initial Experiments
Initial experiments focused on targeting a set of process parameters that

produced characteristic magnetron sputtered InN on amorphous substrates at room
temperature. InN films were deposited onto fused quartz substrates with variations in
process parameters such as sputtering power, total gas pressure, reactive gas partial
pressure. The optimal process conditions that resulted from this procedure are given
in Table 2.
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Table 2

Sputtering Power 50W at 13.56 MHz
Sputtering Gas Pure Nitrogen
Sputtering Pressure 5x10 3 Torr
Target Indium Metal
Presputter Time 30 Minutes
Sputtering Time 60 Minutes

These general experimental conditions were used in the following sets of experiments
with changes as noted.
Higher Temperature Growth on Fused Quartz and (00.1) Sapphire

The first set of experiments aimed to elucidate the effect of deposition
temperature on the properties of InN thin films. A series of InN films were sputtered
onto quartz and sapphire substrates at temperatures from 50-6000C [8]. In addition,
two different sets of (00.1) oriented sapphire crystals were employed: one had a
somewhat rough surface prepared by mechanical polishing; and the second set had
a much smoother, chemically polished surface. For all films the carrier concentration
had a relatively independent value of =1020 cm-3 . The temperature dependence of the
carrier mobility for samples deposited on the three substrate types are displayed in
Figure 1. Films deposited on fused quartz have generally lower mobility, higher carrier
concentration and higher resistivity than those on sapphire. The amorphous nature of
the substrate leads to material that is strongly c-axis textured but obviously not
epitaxial. Presumably this lack of epitaxial growth is responsible for the poorer
electrical quality of these samples.
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Figure 1 Electrical mobility of InN on Figure 2 Film thickness of InN
quartz(X) and sapphire: chemically deposited onto quartz(X) and sapphire:
polished(*), mechanically polished(O). chemically polished(O), mechanically

polished(O).
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Films on sapphire show electrical behavior that is strongly deposition
temperature dependent. In the low temperature regime the mobility steadily rises, the
carrier concentration generally decreases and the resistivity is virtually constant as the
temperature is increased. X-Ray diffraction indicates that materials in this regime
smoothly change from a mixture of epitaxial and textured grains to complete epitaxy
[10]. The film thickness (Figure 2) in this temperature regime is relatively constant and
the grain size determined by STM and SEM is slowly increasing with increasing growth
temperature.

This behavior is interrupted above 3000C on mechanically polished sapphire and

above 4000C on the chemically polished sapphire when the mobility experiences a
sharp downturn (Figure 1) concurrent with a steep increase in film resistivity. The
mobility falls from a high of 30 cm2 / V-sec on mechanicallypolished sapphire and 54
cm2 /V-sec on chemically polished sapphire to a low of 1 cm /V-sec over a 100 degree
interval. The film thickness (Figure 2) and grain size each show a relatively sharp
upturn at these transition temperatures.

Extensive studies by SEM, STM and TEM of the temperature dependent
microstructure of these InN films have been conducted and results are schematically
summarized in Figure 3. Films grown at low temperature are relatively smooth, small
grained and physically continuous. X-Ray diffraction studies of the nanostructure in
this range indicate that the films are a mixture of c-axis textured and epitaxial grains.
As the temperature is raised, the grains grow larger, become completely epitaxially
oriented and their physical properties improve. At an intermediate temperature
(determined by sample-substrate interactions), the films begin to roughen and start to
become physically disconnected. In large measure, the electrical transport properties
of these films are determined by the degree of connectivity between grains. As the
connectivity decreases, the electronic mobility decreases with it. At high deposition
temperature, the grains grow quite large but become isolated. The electrical transport
across such a film is extremely limited due to the hopping nature of the conduction.

0.5 pmn 1.0 pM 5.0 pm

Low Temperature Transition Regime High Temperature
Growth Growth

Figure 3 Schematic representation of the growth temperature variation of film
morphology for magnetron sputtered InN. Primary data was obtained from SEM, STM
and TEM measurements.
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Deposition onto the (001) Surface of Mica
The aforementioned study indicated that heteroepitaxial strain and substrate

surface finish played a role in determining how the properties of InN were affected by
growth temperature. For example the temperature at which the electrical properties
sharply deteriorated was clearly dependent upon the surface roughness of the
substrate. Following on this recognition, mica was identified as a substrate with a
smaller lattice mismatch (see Table 1) and with a nearly atomically smooth surface.

The measured properties of the reactively sputtered InN films grown on the
pseudo-hexagonal (001) face of mica as a function of deposition temperature were
compared to and contrasted with the properties of InN films deposited onto the (00.1)
face of sapphire [12]. Despite the smaller lattice mismatch and smoother surface the
physical properties of these films were quite similar to those prepared on sapphire.
Similar trends were seen in the electrical transport and morphology with a transition
temperature to a low mobility state of 3000C. At higher deposition temperatures (> 500
°C), however, the interconnection between grains improves and the high mobility state
is reestablished. Unfortunately, the thermal degradation of mica above 550 °C makes
this promising result somewhat impractical.

Deposition onto the (111) Face of Cubic Crystals
These results implied that the main cause of the morphological transition in

epitaxial InN is due to lattice strain. As evident in Table 1, the (111) face of several
cubic substrates have a decidedly lower lattice mismatch with InN than either sapphire
or mica.

The structure, morphology, and transport properties of thin films of InN
deposited onto the (111) face of several cubic substrates were studied as a function
of deposition temperature [13]. In general, the film structure is such that (00.16N
parallels the (111) plane of the cubic substrate and the in-plane growth coherence
parallels the magnitude of the lattice mismatch (Table 1), in that films on GaAs are
textured at all growth temperatures, while pseudo heteroepitaxial growth is achieved
at elevated deposition temperatures for growth onto Si, and true heteroepitaxy is
attained above 3000C for deposition onto ZrO 2. Using the X-ray precession technique
the secondary heteroepitaxial relationships between InN and the cubic substrates were
found to be (21.0)nN//(220)cubic or equivalently (30.0)lnN//(4P:)cubic.

The semiconducting substrates (Si and GaAs) used in this study did not allow
the measurement of the electrical properties of the InN films due to the sizable parallel
conductance of the substrate. The electrical transport properties of films grown on
insulating zirconia were measured and found to be quite similar to those of films
deposited on sapphire. The carrier concentration was still Z1020 cm3, and the mobility
had the same strongly peaked behavior as depicted in Figure 1. The film thickness
had the same general dependence on deposition temperature displayed in Figure 2
and morphological investigations identified the same trend displayed in Figure 3 with
a transition temperature of 350°C.

Seeded-Heteroepitaxial Growth
Since the (111) face of zirconia has the smallest calculated degree of lattice

mismatch with InN of any commonly available substrate (Table 1), it became obvious
that other means of achieving single-crystal growth of InN would need to be explored.
Recent advances have been made in the techniques of achieving heteroepitaxy --
driven in many cases by the desire to deposit single crystal diamond onto substrates
other than natural diamond [14]. These techniques are generally referred to as seeded
heteroepitaxy and a particularly germane result for the deposition of InN was the effect
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of a thin nucleation layer of AIN on the MOCVD growth of GaN [9]. There it was found
that the use of a thin (=50 nm) AIN nucleation layer yielded GaN single crystal films
with optically flat, crack free surfaces. The AIN seed layer serves to provide a supply
of nucleation sites with the same heteroepitaxial relationship and to promote lateral
growth by decreasing the interfacial free energy between the substrate and growing
GaN layer. The resulting film is a "mosaic" single crystal with a carrier concentration
decreased by two orders of magnitude and a room temperature mobility increased by
one order of magnitude. Given the similarities in the crystal physics of InN and GaN
the effects of thin layers of AIN on the magnetron sputtering growth of InN were
investigated. Two studies were conducted to assay the effects of a thin nucleation
layer of AIN on the magnetron sputtering growth of InN.
Deposition onto a High Temperature Nucleation Layer

A nucleation layer was deposited on the (00.1) face of sapphire by dc sputtering
for 30 min. at 900 °C using a 50/50 mixture of nitrogen and argon (15]. The resulting
AIN layer thickness was =50 nm. A sequence of InN films at various growth
temperatures (50-600 °C) were deposited onto such a seed layer using magnetron
sputtering in a pure nitrogen atmosphere. Full physical characterization of the resulting
films was carried out.

Microscopic studies show that at low growth temperatures the agglomerate
morphology (average grain size of z8.5 nm) of the seeded films is essentially
equivalent to that found for films deposited onto bare sapphire. As the substrate
temperature is raised, the grain size for the seeded films is nearly temperature
independent while that of the single layer film is gradually rising. At intermediate
temperatures the grain size of both types of films begins to increase but the increase
is much more rapid for the film on bare sapphire. At still higher temperatures, the
seeded films remain granular, with the details of grain size and connectivity varying
only marginally with deposition temperature. This is in sharp contrast to the
morphology of unseeded films, where a large grain structure with significant void area
between the grains is evident.

Since the morphology largely determines the physical properties of these films,
this contrast has profound effects on the physical properties of the materials. For
example, X-ray scattering from these films using the precession method [16] are
reiterated here. Films deposited onto the AIN buffer layer consist nearly exclusively of
epitaxial grains of InN at all temperatures investigated. In contrast, InN films deposited
directly onto the (00.1) surface of sapphire were comprised mainly of textured grains
below 200 0C and became fully epitaxial above this temperature. From variations in
the angular dispersion of the {11-20} X-ray reflection for the two type of films, the
following deductions were made: (1) For unseeded films at T< 2000C, there is a weak
azimuthal correlation between the InN grains and the sapphire substrate; (2) This
azimuthal correlation strengthens considerably with the disappearance of textured
grains and remains strong until the onset of the morphological transition; and finally,
(3) The azimuthal correlation restrengthens at the highest deposition temperatures as
the transition progresses and the large grains come to dominate the morphology. By
contrast, the films deposited with an AIN seed layer are fairly strongly correlated even
at low temperatures --in accord with the observation of solely epitaxial films. This
correlation strengthens and remains strong for all such films -- a fact consistent with
the relatively unchanging morphology of these films.

In a similar vein, the electrical transport properties are affected by these
variations in morphology (Figure 3). While the carrier concentration (>10 2 cm"3)
remains high for both types of films, the dependence of carrier concentration, electrical
resistivity and mobility on deposition temperature differ significantly for the two types
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of films. Firstly, the carrier concentration remains relatively constant at low substrate
temperatures (<300 0C) and generally decreases monotonically above this
temperature. Secondly, in the range below 200 °C, the carrier mobility for the epitaxial
seeded films is consistently higher than found for the unseeded films which are a
mixture of epitaxial and textured grains. Thirdly, the general variation in mobility with
deposition temperature is the same for both types of films in the transition temperature
regime, 300 0C < T < 450 0C. In particular, the mobility slowly rises as the substrate
temperature increases up to the point where the grains lose connectivity resulting in
a precipitous jump in resistivity and a concomitant sharp drop in mobility.

In addition, it has been shown that the evolution of the physical properties of
these seeded films with increased substrate temperature is dominated by subtle
changes in the granularity of the film. This is in stark contrast to unseeded films where
the physical properties are dominated, at high temperature, by the formation of a large
grained morphology with significant intergranular voids. Therefore, the use of a
nucleation layer has stabilized the film morphology and muted the rapid degradation
of film properties above =400 0C seen here and elsewhere for growth on unseeded
substrates. This quite promising result followed from an arbitrary choice of growth
conditions for the AIN nucleation layer. A systematic search for optimized seed layer
growth condition are discussed next.
Nucleation and Overlayer Growth Temperature Effects

In this study, an investigation of the dependence of film properties on the growth
temperatures and growth times of the nucleation layer and the InN overlayer (both
sputtered in pure nitrogen) was carried out. The nucleation layer was deposited on the

)0D.1) face of sapphire by dc sputtering for 7.5-30 min. at temperatures between 100
C and 1000 0C. The resulting AIN layer thickness was between 20 and 80 nm. A

sequence of InN films at growth temperatures from 100 0C to 500 0C and deposition
times between 14 sec. and 6 hours were deposited onto the nucleated sapphire
substrate using magnetron sputtering.

A discussion of the results of a fixed deposition temperature with variable time,
giving clear evidence of a crossover from a two dimensional to a three dimensional
growth mechanism, appears separately. [17] The discussion presented in this paper
will focus on the effects of growth temperatures for fixed times for the nucleation and
overlayers (15 min. and 60 min. respectively).

The carrier concentrations for these samples remain in the 1020 cm 3 range. A
plot of the mobility of the InN films as a dual function of buffer layer and film growth
temperature is shown in Figure 4. At low buffer layer temperatures (<300 0C), all film
growth temperatures result in low mobility. In parallel, at low film growth temperatures,
all buffer layer temperatures also result in low mobility films. It is also evident in the
plot that for buffer layer growth temperatures >300 0C and for film growth temperatures
>400 0C a plateau in mobility is achieved. This plateau extends to at least 500 0C in
film growth temperature and 1000 0C in buffer layer growth temperature. This is in
contrast to films deposited onto the bare surface of any substrate and also in contrast
to films deposited onto a seeded (00.1) sapphire substrate where the AIN layer was
sputtered in a mixed argon/nitrogen atmosphere. Although the morphology of these
seeded films is yet to be completely elucidated, evidence for a crossover from a three-
dimensional growth mode to a two-dimensional growth mechanism has been
presented [17]. Most importantly for future device applications, the AIN seed layer
grown in pure nitrogen has stabilized the InN overlayer to the transition that resulted
in the loss of intergrain connectivity and the dramatic drop in electrical mobility for the
unseeded films.
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Figure 4 Electrical mobility of InN films deposited onto a seeded (00.1) sapphire
substrate as a dual function of seed layer growth temperature and film growth
temperature.

Future Directions
Although the seeded heteroepitaxial growth technique has yet to yield extremely

high mobility InN films, the effect is clearly positive. The properties of the InN films are
quite sensitive to the conditions of nucleation layer growth. Further optimization of the
process may indeed lead to films with vastly superior properties, including a significant
reduction in carrier concentration (as was found for the seeded MOCVD growth of GaN
[91). In fact, ongoing investigations are focusing on reducing the high concentration
of n-type carriers in thin films of InN.

As discussed above, the properties of InN are degraded by the presence of
oxygen containing species during growth and the fi'm properties may be further
degraded by exposure to air. In order to address these concerns, an ultrahigh vacuum
sputtering system, working at base pressures of 5X10"'1 Torr has been constructed.
This dual magnetron setup is quite similar to the high vacuum sputtering system
employed above with three distinct advantages: (1) The low base pressure and
bakeability of the system results in orders of magnitude reduction in background
oxygen containing species; (2) The chamber has an integral load-lock assembly that
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allows exchange of samples and substrates without breaking vacuum; and, (3) An
analysis chamber is available for the in situ measurement of temperature dependent
electrical resistivity, Hall effect and optical absorption.

Initial experiments in this deposition system have been carried out by reactively
sputtering InN under typical process conditions. The electrical transport properties of
these films have been measured both in situ and ex situ and the measurements reveal
InN thin films that have the same carrier concentration (=1020 cm-3 ) and mobility (<60
cm2 /V sec as films deposited in the high vacuum system and measured in air [18].
Although these experiments do not completely rule out the possibility of high carrier
concentration due to oxygen contamination, the probabilities of nitrogen vacancies as
the likely unintentional doping mechanism are considerably enhanced.

As a means of following up on this deduction, additional sources of activated
nitrogen species are being introduced into the current sputtering systems hope;ully
leading to a drop in carrier concentration. Finally, alternate growth techniques with
intrinsically higher atomic nitrogen concentrations at the reaction site are being
investigated and implemented. In every case, seeded heteroepitaxial growth is
considered crucial to the achievement of single-crystal InN thin films of device quality.
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CHARACTERIZATION OF AIxGa, _xN GROWN BY MOCVD AT
LOW TEMPERATURES
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ABSTRACT

The low temperature deposition (400-650' C) of AlxGa, -,N films by metalorganic
chemical vapor deposition (MOCVD) was characterized. Triethylgallium (TEG),
trimethylaluminum (TMA), and ammonia (NH 3 ) served as the precursors and both
sapphire and silicon as the substrates with helium as the carrier gas. The deposition was
operated at the atmospheric pressure. The crystallinity was improved even at low
temperatures when AIxGa, _xN was grown on a thin buffer layer of AIN at 40°0 C. With
an AlxGa, .xN/AlN layered structure, epitaxial growth of AIxGa 1 _xN %.as obtained at
65f0 C on sapphire substrates. Auger results showed that the Al fraction x was less than
0.1. X-ray diffraction indicated a strong peak at 2E =34.9 degrees for the (0)00(12) planes
from the film on sapphire substrates. The electron channelling pattern (ECP) of the film
produced at 650"C revealed a 6 fold symmetr contrast pattern indicating the Cpitaxial
growth of the film. Photoluminescence (PL) showed a dominant emission at 353 Tim for
the film on sapphire substrate. Surface morphology examined by SEM was featureless for
the film produced at 500°C, while a relatively rough surface can be seen on the film
produced at 650°C (5,000x). The band gap was measured as 3.56 eV. The Al mole
fraction x in the alloy was observed to be lower than that in the gas phase.

INTRODUCTION

The semiconductor alloy AI5 Ga, -xN has a hand gap which can be controlled from
3.4 eV to 6.2 eV and it has potential applications in ultraviolet light emitting diodes,
detectors, lasers or high temperature electronic devices. MOCVD is one of the most
widely employed method for producing AIxGa, _xN films. The dependence of the enlergy
band gap of the alloy on the Al mole fraction x has been studiedI and with precise control
of x, it is possible to also control the band gap width. To grow an epitaxial layer If

AIxGa -xN on sapphire substrates, depositions were typically performed in the
temperature range between 9000-11501* C2 , . Akasaki et ail has shown that by first
depositing an AIN buffer layer at to0( 0 C, the quality of AIxGaI _,N is greatly improved.
but even in this work, the deposition temperature used was in the range (if 9)100 to
1020* C. Based on the results Of our previous work on the low temperature deposition of
GaN5 , this study was initiated to deposit epitaxial AIxGa1 -,N at lower temperatures.

EXPERIMENTAL

A horizontal atmospheric-pressure reactor was employed to deposit AlGa I -,N
alloy films. The susceptor surface was tilted about 101) with respect to the inconling gas
direction. The deposition temperatures ranged from 400)0 C to 6500 C. The susceptor
temperature was measured by a thermocouple. The substrates were A12 0 3 ((1(111), Si
(10(0) and Si (Il l). The gallium and aluminum source gases were triethylgallium (TEG)
and trimethylaluminum (TMA). Ammonia served as the nitrogen source and helium as
the carrier gas. The total gas flow rate was about 11001) sccm with 13 gmol/min TEG. 5
pmol/min TMA and 20,000 itmol/min NH 3 . A mechanical vacuum pump was employed

Mat. Res. Soc. Symp. Proc. Vol. 242. ' 1992 Materials Research Society
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for evacuating the reactor prior to purging the system with helium after loading the sýmnple
before each deposition. The substrates were cleaned by dipping in hydrofluoric acid,
rinsing in deionized water, and then blowing dry with filtered nitrogen. The thickness of
the films was determined by measuring the mass increase of the samples after deposition
with a microgram balance. Scanning electron microscopy (SEM) was used to examine the

surface morphology and to make electron channelling patterns (ECP). The film
composition was analyzed by Auger electron spectroscopy (AES). X-ray diffraction was
used to analyze the crystal structure of the films.

RESULT AND DISCUSSION

An epitaxial film of AlxGai .xN was obtained on the sapphire substrate at 6500 C
after first depositing about 1000 A of AIN at 400' C. The thickness of the film was about
0.3-0.4 prm after a half hour deposition.

The composition of the epitaxial layer with sapphire as the substrate was analyzed by
Auger electron spectroscopy (AES). The AES spectrum is shown in the Fig. 1.

AES SURVEY SF=2.674, -36.972 DAT=9.75

6
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Id 4 Al
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I rN
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0 400 800 1200 1600 2000

KINETIC ENERGY, EV

Fig. I Auger electron spectrum of AlxGa -,N
deposited at 650' C on sapphire.

The resulting spectrum shows three main element peaks, corresponding to Al, Ga and N.
The calculated average concentrations for three main elements Ga, Al and N are 0.58,
(1.06, and 0.33 respectively for the sample. The Al mole fraction x in the allov is in the
vicinity of 0.1. Notice that the ratio of nitrogen to group Ill elements is lover than
stoichiometric material. One possible explanation for this is that the ion sputtering of the
film surface, which is a technique to clear the surface contaminations when performing
AES, might preferentially remove more nitrogen than galliutm or aluminum from the
analyzed surface. Besides the three main element peaks, there is a small oxygen (0.03)
peak possibly originating from an incomplete purging or an adsorbed gas layer on the film
surface. The composition was normally found to be a function of the sample positions on
the susceptor. Higher aluminum concentrations were observed for samples set on the
leading edge. The difference of the Al fraction x between the gas phase ((1.28) and the
solid phase (0.1) may indicate different rates of dissociation of the reactants on the surface
at low temperatures.

X-ray diffraction was used for crystal structure analysis. The diffraction patterns
from films produced at two different temperatures are shown in the Fig. 2. Fig. 2a is for
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A120 3  AIxGa,-N AIR0- Axo

T: 500 T: 500'C

S Cu:Ka
N Cu:Ka

A B L

50 45 40 35 30 50 45 40 35 30
Diffraction Angle (20) Diffraction Angle (20)

Fig. 2 X-ray diffraction patterns of tAlGa, -,~N
deposited at (a) 65)0' C arnd (b) ý100*C

the epitaxial film produced at 65)0' C and Fig. 21) for film produced at 5(10' C. The (10002)
AlXGaý XN diffraction peak was detected at a diffraction angle 2E) in the vicinitv of 14.9'
on both spectra. The ()0002) peak intensity Ifor epitaxial film in Fig. 2a is stronger and
shaper than the highly oriented crystal film in the Fig. 2b. '[his peak position is close to
the peak position of G;aN (34.60 )" hut wkas betweenl of the peak positions of (0)0)02) GaN\
and (1)0)12) AIN. The peak intensity front the film is stronger than that from the Substrate
for art epitaxial layer. Compared to Koide el a/s 3 results for an Al fraction of 01.. thfie
change in the lattice constant is similar with the fraction x in the vicinitv of 01.1. Under the
same experimental conditions as was used for the film oin the sapphire substrate.
AI5 Ga, _xN alloy filnms were also deposnted on both types 0) srlicon substrates. However.
the X-ray diffraction patterns onf those filmts were identified as polycrvstalline.

To further examine whether the deposited film was an epitaxial layer, an electron

0.08

o.0.04

0.02

0.00
2503500 4500 5500 6500

Wavelength (Angstroms)

Fig. 3 Electron Channelling pattern onf Fig. 4 Photolumlirescerice spectrirm
AIXca, _N on sapphire for Al XGa, _N onf sapphire
deposited at 65(0* C. deposited at Oi110 C.
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channelling pattern was made. If the film is single crystal, when examined under the SEM
at very low magnifications, an electron channelling contrast pattern will be oberCd.
Otherwise, for a polycrystalline film, only regular SEM will he seen. The corresponding
photograph was shown in the Fig. 3. It showed a six fold symmetry contrast, which is
agreement with the X-ray diffraction peak from (0002) crystal planes. For the film
deposited at 500' C, no channelling contrast was observed.

Photoluminescence (PL) spectrum was taken for the epitaxial laver as shown in Fig.
4. The dominant emission was observed at 350 nm at a temperature of 15 K. This is the so
called 1• line of AIxGa, .xN, the donor-bound exciton line as previously identified by
Khan et al.6 The line width of the peak at half height was about 135 meV.

Optical transmission measurements were made at room temperature on the epitaxial
layer. The result is given in Fig. 5. A rough estimation of the hand gap for the film is about
3.56 eV. This is similar to Koide et al's' result for a film with an aluminum fraction x in
vicinity of 0.1. It also seems, in some degree, in agreement with the photoluminescence
result.

70

60 3

50 AlxGol-xN film
"Substrote: A1203

"E 40

-30

20

l0
0 *

2.9 3 3.1 3.2 3.3 3.4 3.5 3.6 3.7 3.8 3.9

Photon Energy (eV)

Fig. 5 Optical measurement for Al Ga _,N
deposited (in sapphire at 050' C.

Fig. 6 SEM images of AIxGa, _,N films
deposited at (a) 0510' C and (h) 5(1(0 (.
(50O~X).
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The surface moirphiology %Nias examlined bys scannmnig electron nlitcrisciipe ("I \
Ithe surface was smtooth for films produced at low~er tcniperaiurs. I ig. h. use dt ile
photographs of the epitaxial -ac and the film produce at SOO* C. Small humnps e;Ilt he

se t or the film i prod tced aIt 6Sf* C under SO5.4( l
A, ori,,inallv applied to thle deposition of GaN, we tried to deposit Al (;ýt -N at

loss icuiperatUre inl order to promote thle heterogencous reactions. I losever. his
tcniperatUres reduce the ,urfacc ntobilit\ of the eas niolecules adsorhed on the.iihstr~tic
Su r face. Because tihe suirface decominpo sed fragnte nt s of rue tal i iranitc uti iicetlcs ita\ pji\
a impot~rtant role in thle lower tenmperature grossh of tile cr~stuil.: tisi priccss rtii he
achieved bw a Ilechanism of sitc-selectiis incorporation of' clnpiincnts, into the prpiir

C01nfiguratiitn. With source gases introduced sepatrately with a htigh geas \clicits. the
en wih rate may he redu1ced becaC seOf iff ncrIniplee gasin 17ing at the su rkice. Inst cajd of ;a
lii-The r keas flow rate w ftcli is normal ly Used ill Ni 0)(VI) inl tftis wi irk, a it iso\ euas fI is rate
ssI as lyd Teso asvlct provides, timec for molecules to diff ash in and for thle
ea;ses toi mix, aind surface z~dsorpt i ii of tilie reaictants ma\ he pri iitiickd ii uch clit eae I fie
actual AXl Gai -N irosvth rate for this kind of depiisition was hetixen 4t.S - 113 "lut fir.

'Ihfe deposited films itorinall ' turned out tii he ranliint iretitei pilkcr ' tafs t
a AIN bbiffer laser. With this huffer laser oiit either silicmi tjsbstrate. tifis-Il it enteitc(

poiivcr. stal filmls \%ecre iriidtCC~f.

C( )N(T[.ItONS

[pitaxial AlxGa, -N filnis cain he ltriidUCdicat a temuperature ut 0u'4i o( hs \l( I(A!
oii sapphire suhstrates. The growkth of this allo is itainlx iutirihitttc tou the promuimi otti
site selective hieterogeneous reactionsý. Nii epita\v wasý ouhtaitted l iti hfer txj% lie Sit
suhstrate. The differenice of tile AIf fraction \ heiss~ tciilte 1ca'11 pftae atil te su01id ;ft:i1e

niav itidicate differeitt rates, if decompotitiuiiuti (if lthe rictulttt iit tfte surfalce lt sulch
teiiilieratttres. [ftli grimhs i rate seetts tuiodcrate Ceoet a't,~1 te"m rtue unit lii
floiiw rajtes. The handf grap efiatUioc ' proi0Tipiirtiit to the CuutCiceutr;'tiutl lt if:111ut1tiiru Ill !he
allioy.
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A COMPARATIVE STUDY OF GaN FILMS GROWN ON
DIFFERENT FACES OF SAPPHIRE BY ECR-ASSISTED NIBE

1'. D. NIOUSTAKAS. R. J. NIOLNAR. T. LEI, G. MENON A.ND C. Rl. FDDY lB?.
Nbolecular Beami Epitaxv Laboratory, Depaitoniet of Electrical Enginecritig. Bostccn unli
versity. Boston, MA 02215.

A USTRlA CT

(;cN tilms were grown onl c-plane (0001). a-plane (1120) and r- plane (1102) sapphire
ii cx rates byc thle ECRH- assisted NIBE mnet hod. Thle finlms were gro wn (lxi og a tok-( c-s(p

growasth pr ces's, in which a G aN bufifer is grown first at relat ively low tenvperarirexantl rtce

r( xt of thIe' fii is grown at higher t emicoerattitres. BIlE ED st ((ies iticjate that t his growdi
nact 110(1 promot es lateral growth, and( leads to fiiitis wit I stiiootli snrface tin i)crpioogy Tile
ecii axiall relat iotnship~ to the suibstrate. the crystalline cjntclit ani(l the surlface mlorph i()1cvL

were investigaitedl by RHEED. X-ray diffraction and SENI stundies.

IN\TBODUCTION'

Recetntly Elect ron-Cyclot ron-Resoniance.Microwaive Phlasma-assisted Niolecuflar Beam
Epit axy ( ECR-NIBE) hias emierged as one of the most versixtile methodIs for the( growth
of Ga N antd other 111-V a t rides 1 -5]. Ia this method0(, filmns are grown at relaitively lo w
(tiimperatu res uinder tilt rahigh vacutnin conditions. This allo ws for contro r( 1othle filtii Stoi-

clitntr]G and reduct ion of unwanoted imipuritie-sl 7]. Moreover. our group demonst rat ccl
that significant inprov'ement in film qpiali ty canl he at t anetl if filiii growthl takdes place ill

(io e'1(23.3).] In tius process. Ga, Nbuffer is grown first atrelatively o btt- eate

anda thle rest of the filmn is grown at hiighe(r tempera tutres. U sing this oethliod, wve lI;tc x
cemonist rat ed thlit epit axial st abilizat ion of sinogle crystalline Ga N filrils inl thle z miib ud,11

struict nrc oii (001) iilicoii stilstrates[2.3].
Iil t his paper, we report on a comnparative study I of Ga N filiiis grown onl c-pIdan.

a1- danti and r-plane sapphilire siibst rates byv thle ECR -NI BE inethIao(. ((sing t' two ýtip

gri wthI poce'ss,

EXPERINIEN.TAL NMETHODS

The' ECR-NIBE miethod was uised for the growth of GaN filitix oir c-plane. a-plane

atin( r-plicne sacpphire srilcsti rates. TlIn'detiiilxof thle ideposition inicthodI has- letie pulblislicI
elsewhere[]? .]

The' siubst rateis were subjectedc to thle fo llowintg cleanin g steps). priuir to th gl' h fr xvi
the GaiN films. They were sequlentita~lly cleanled in iltrasonic baths o~f tricldicriceth li\vei11%
accet one and isopcropariol for removal of hydrocarbon resiihc is from thle surfaice. ecihed ill
Him',G. : I12504 (1:3) for the (('((iota] iif siutfa'ce coaanti ainmuts nald mechanical lti~
'lcw to~ polishintg and finally rinsed in de-iotiizedl water. A fter tihese steps thle stii cxi ate
wxere hcI owti dIrv withI ni trogen. tiotnuted ot; a inoll celi'trii 1bchck aond t ralsfvmrrc I to thei

introductiuui chamb er cof thle NI13BE syst em. In lie preparittiona chamiber. th inh iiettrat-
tt'ere heated tic 8500 C for apprcx~iimat ely Ihalf alt hour atid thlen t ransferreidic to ilii growithtI

ch ambeir, whenre they were s' i:,ji'c'ti' ti bombiacirdmitent 1by a tiit roge'n Iclasmav foir aplli cx

niat ely half atm hotir at 700' C.
The GaN filmiis were growti iti two steps at clifi'erent tem'tiihiit iris. First. ai thini GaN

hiiffer ( abocut 300.4) was Arciwt ait 40()'C - 5t00'C awull thent ithec rest cof thie film wax
gro wni at. Goto - 8000 C. The hIlnt growthI ratie was 2t000 - 3000t.4, hc an[ lie uoverall fIiltm

t hiickniess wvas 1 - 2ji cc.

Mat. Res, Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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The substrate and film structures at various stages of substrate prepan tion and film
growth were assessed by Reflection High Energy Electron Diffraction (RkIEED). The
epitaxial relationship to the substrate and the crystalline quality of the films were deter-
mined from RHEED, 0 - 20 XRD and rocking curve studies around the main diffraction
peak. The surface morphology was studied hy SEM.

EXPERIMENTAL RESULTS AND DISCUSSIONS

iig. 1 shows RHEED patterns of the three types of substrates after the exposure to
the nitrogen plasma. The data indicate that the surface of the substrates were nitrided
aid from the diffraction patterns, the lattice constant of the AIN was estimated to be
a = 3.1.A. Furthermore, the streakiness of the diffraction patterns, in particular those of
the c-plane and a-plane sapphire substrates, suggests that the AIN layers are atomically
snttooth[)S].

(a) (b) (c)

Fig. I RHEED patterns of the sapphire substrates after exposire to tOte ntriqca
plasma: (a) c-plane. (b) a-plane, (c) r-plane.

Fig. 2 shows RHEED patterns of the GaN buffer on the three types of substratcs.
The data indicate that the GaN-buffer is single crystalline im all three types of suhstratvs.
The GaN films grown on the c-plane aud a-plane sapphire substrates have their c-plbitii
(0001) parallel to the substrates, while the GaN films grown on the r-plane of saptihiri-
have their a-plane (1120) parallel to the substrate. The streakiness of the diffraitioni
patterns of the GaN buffers on the c-plane and a-plane sapphire substrates suiggests that
tle GaN-buffer on these sbnstrates are atomoically smooth.

(a) (I0) (c)

Fig. 2. RHEED pattern.s of the GaN-buffetr on the ,ariior, ,npphirc mnb.strafc.i: (a)
r-planc. (b) a-plane. (c) r-plaTie.
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Fig. 3 shows RHEED pat terns of t ie GaN films at the end of each run. These reveal

the saone epitaxial relationship between GaN films and the substrates as thie corresponding
GaN buffers discussed in Fig. 2. Also the filns on the c-plane and a-plane sapphire
slubstrates are atomically smooth.

(a) (b) (c)

Fig. 3 RHEED patterns of the GaN films after growth on the various ,apphire

.4at,.•trates. (a) c-plane, (b) a-plane, (c) r-plane.

Fig. 4 shows the surface morphology of GaN filams grown on the three types of tIe

substrates. The films on the a-plane have the smoothest surface inorphelogy. The surface
morplhology of GaN filhs on the c-phine consists of interconnected tiles several thousmnd

angst roms in size. The GaN films grown on the r-plane sapphire were found to hayv

oroughlst surface morphology. The pyramtidal surface morphology is related to the

f;at that the a-plane of CaN is bounded by two prisin pla'ines tnder equilibruini growtht iconlition.

(a) (b) (c)

Fim'. 4. SEM qurface morphology of GaN film .qr ttowm on varioit., -uthstrntf.,: (a)

f-0,l1,71c. (h) a-plane, (c) r-plant..
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Fig. 5 6 - 20 XRD of the CaN filmn on varioio qapphirc stibtratcsq: (a) r-planc. (b)
a-plane. (c) r-planc. The tinseris% shot the correqponding rocking carles..

Fig. 5 shows the 6 - 20 XRD and the 0-rock-ing curve at the mnain reflection peak of
the GaN films grown on the three types of substrates. The main reflection peak for- tie

GaN' films grown onl the c-plane and a-p~lane sapphire stilistrates occurs at 206 34.6".
Coirrespondling to the (0002) reflection, This confirmos that films were grown with their
c-planes parallel to the substrate. The main diffraction peak of the CaN' film onl thle r-
plane- of sapphire occurs at 20 = 57.8' correspondling to the GaN (1120) reflection. This
coifirnis tile RHEED study that the a-planec of the GaN film is parallel to the suibstrate.
The rocking cuirve of the CaN film on the c-plane oif sapphire has the sniallest width
(FIHEN1= 10 min.), indicating that the crystalline quality of these films to lbe the best.

The epitaxial relationship of the CaN films to the c-planie of sapphire is to bie ex-
pect ed. However, thle epit axial relationship of thle C aN filmls oil t he a- plane, and r-iilamies

of sapphire is not obvious. This epit axial relat ionshiip can lie accounted foir as fo llowvs:
The a-planie sapphire has a rectangular unit cell with dimensions 12.97.4 x S.23.4. two of
which can acconoiodate a number of unit cells of GaN basal planes as shown in Fig. 6(a).
Th1 is resumlts in 1.6% Ia ttice mimsmatcli along [0001] of sapphire and 0.6(/(. along [1100] axis

of the sapphire substrate. The r- plane of sapphmire subst raite has a uiinit cell with dim(nensioni
4.73A4 x 15 .34.4. which accomiodate three unmit cells of the a-phine oif CaN' as ilOust rated
in Fig. 6( lb). This result~s iii 16% lattice mismat ch along thle [112~01 of sapphire and 1L37

along the [11011 (if sapphire.

CONCLUSIONS

GaN films were grown onl vanouis crystallographic faces of sapphire by ECPI-MBE.
Th e groiwthI process in~volves Ht li coniversion of thle sapphire sirfiices into A IN liy plasmia
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--------- 2 x8.23A-----------------

GaN(1 120)

Sapphire(000l)

12.97A

GaN( 1100)
fSapphtre(1 100)

3.19A

(a)

3x5.If ~GaN(l 100)

---- --- ---- --- --- --- ---- --- --- Sapphiire( 1120)

5.52A 4 .75A

---- --- --- --- I ---- --- --- - ---- - G aN (000 I
------------ 15.34A ---------------- , Sapphi re( I f1I

Fig. 6 Epitaxial relationship between CaN and (a) the a-plane of sapphire: (b) the,
r-plane of sapphire.

nititdatioti, tile growth of a thin GaN hutffer at 400 - 500"C anld tile growth of the rest
of thew filint at 600 - S00'C. RHEED studies indicate that this process of filmn growvthI
Jproiliot<.ý lateral growth mtid leads to filints with smtooth surface rnorphology-. The, XR D

st dies indicjate that GaN filmns onl thle c-planie sapphire have the hest crvst alline quamlity.
However, tihe filmns onl the a-plane appear to have the smoothest sutrface morphology.
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ON Si(OO1) AND SI(1ii) SUBSTRATES
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ABSTRACT

Epitaxial GaN films were grown onl Si(001) and (111) substrates. using a two-step
process. Thle films, on Si(001) are single crystalline having the zittchlextde strucutriie.
while those onl Si( 111) have the wurtzitc structure. The crystalline qualities of the
films were studied by X-ray diffraction. While the zinchlende GaN has n- perfect cubic
structure, the wurtzitic GaN onl Si( 111) has a considerable amo01unt of stacking faults
along (0002) dlirection. which gives rise to significant zinchlende component with (111)
orientation. Room temperature resistivity for hoth type of GaN films was foundo to
he larger than 100 Q - cm. The temperature dependence of th resistivity gives a defect
level at 110mieV for xvurtzitic GaN and 80mieV' for cubic GaNý. Optical stuidies Show
that GaN onl Si(001) has a gap 3.2eV. and GaN onl Si(111) has a gap) of 3.4cNV at room
temperature.

INTRODU.CTION

ITI-V nitrides and in particular GaN have been the subject of intensive stutdies due
to their p~otential for short wavelength light emitting deviees[1.21. GaN filrets have been
grown by a variety of dleposition teclhniques]11.2]. such as Chemical V'apor Deposition.
Mlet al- Organic Chemical V'apor Deposition. Molecular Bealu Epitaxy ;wnd a number
of plasm a-assisted processes. A variety oif substrates such as silicon. spinal, silicon
carbide and various crystallographic orientations of sapphire have lo'eii used ini thIem.
stud~ies. Mlost of the filims grown have the wurtzite structure (o -Ga.N). wvith n-type,
conductivity andl high carrier concentration, which is believed to result fronm nitrogen
vacancies. Growth of GaN onl foreign substrates is typically three dimenisiontal. whticht
leads to rough surface morphology.

Zinchlende GaN(;3-GaN), which is the thermodynamically mtetastable phtase of

GaN. is hoped to he more amenable to doping than the wvurtzitie GaN. since all of
the II1-V compounds that can be efficiently dope'd n2-type or l)-tyhwnh are cmibii-~]. 3-
GaN has been epitaxially stabilized oil 3-SiC anud \IgO( 100) sitbstrates[3.4j, which are,
closely lattice-miatchied t o 3-Ga.N, and oin GaAs[5.61 and Si[7.S] substrates, wvIth hi have
signififcantt iitisntatclt to 3-GaN.

The growth oif GaN ott silicon substrates is boith a scienitifically ehalleitgiitg atid a
t ed ititolgic ally important problem. sinice it offers tlte potentiail to integrate GaN aitd
Si (devices. Tile dlifficutlties are duet( to the large (differentce iii lattice constant, crystal
structure aitr thermal1 expansion coefficient. Thte majority oif thle work ott thle growth
of CaN ott Si(001 ) or Si( 111) reports thle growth of polyerystadline or amorphioius
inatei-ials]9- 11). Rlecenitly, We deletitostrateth thle growtht (if sinigle crystallinte GaN oin

Si(001 ). having the zineblemide structtire[7,81. It was reported t hat sitngle crystalline
CGaN in thIe wurt-zite structure was grown ott Si( ill) snihstrates[91. However. lthis
concl-utsiotn was based (in a 0- 20 scant (if X-ray dliffractioin studies which onyprobe

Ite st riuct ural oirderinig normaitl to thle stubst rate, atid thbus calt not (listitigutislt1 sinigle

c-rys talline fromt well -orieitited polycrystatllitte mnaterial -
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In this paper, we report a comparative study of GaN films grown on Si(001) and
Si(111) substrates by ECR assisted MBE. Particular emphasis is placed on studies of
the in-plane and out-of-plane crystalline quality of the GaN films.

EXPERIMENTAL METHODS

GaN films were grown using the Electron-Cyclotron-Resonance microwave plasma
assisted Molecular Beam Epitaxy (ECR-MBE) method[7,81. GaN films were studied by
Reflection High Energy Electron Diffraction (RHEED), Scanning Electron Microscopy
(SEM) and X-ray diffraction (XRD). X-ray diffraction studies were performed using
a diffractometer with four-circle geometry[12]. This allows us to perform o-scans at a

reflection peak (hkl), corresponding to planes not parallel to the substrate, to probe
the in-plane ordering. Additionally, standard 0 - 29 scans were performed to probe
the ordering normal to the substrate.

GaN films were grown by the one-step or two-step processes as described previ-
ously[7,8]. In the one-step process, GaN films were grown onto the substrate held at
a fixed temperature, while in the two-step process. a GaN buffer layer of a few hun-
dred angstroms thick is grown first at a low temperature, and the rest of the film is
epitaxially grown on this GaN-buffer at higher temperatures.

EXPERIMENTAL RESULTS AND DISCUSSIONS

lcoo- ICL
aCt i

30 35 10 45 50 55 s 0

20 (degrees)

(a) (b)
Figure 1. (a) XRD of a GaN film grown in one-step on Si(11l); (b) SEM surface
morphorlogy of the same films.

Growth of GaN on Si(001) and Si(Ill) by the ECR-MBE method. using the one
step growth process, leads to polycrystlline films. The results on Si(001' have been
discussed previously[7,81. Here we discuss the results on the growth of GaN on Si( 11).
Fig. I (a) and (b) show the 0 - 20 scan of XRD and SEM surface morphology of a

GaN film grown at 600'C on Si(l1l). The data show that the film is polycrystallire.
with strong (0002) preferred orientation. The SEM studies reveal that the film has
columnar morphology.

In the following we present studies on GaN films grown on Si(001) and SiI 1)
using the two-step process. The buffer layer, approximately 300A thick, was grown at

400 0C, and the rest of the film. approximately loom thick, was grown at 600'.
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The RH EED pat terns, shown inl Fig. 2. iridica to that Ga N filmis onl SOi))1) have

l Iic ziriehh'nde st ruret ire with1 their (001 ) planes parallel to t ie subrst rate. a n t losie oiso0

Si( III)I have t he wiv rt At S ite structre, w-ith their (0001 ) planies pairalI](, tot lie sub
1 

st rate.
The sharpness of thle spots indicates good crystalline quaiht y of thle firin. anid thle
-- a k~ig featmrie of the spots sugrrOs ts a farijly snmoothI slirrfwie ~~~

(a) (b)
Figure 2. RHEED 1)a-tternis for (a) a GaN filmn onl Si(001) with [100] electron

aumnitth~al incdence: (b) aG iN filmn onl Si) 111) w~ith [1 120] electron aziuimitlial

incidenice.

Figure 3. SEM siirrface morphology of thre two GaN firns discuissedilli Fig. 2. (;0

zinricleiede Ga N, (bi) wuvrt to GiN.

Fig. 3 shows the SEMN srrrfare nziorplirrogy of tie GaN filliis disctrssedilli Fig. 2.

Thre surface of the cuihic GaN filiri Consists of mianvy retalirigtlrir 'tiles, well orierntedu

airoring (1101 d irect ion. Thre hreighit of t hose t iles is oif lie order of 1 000.4I. whrichi is thv'ii

"lifrrhrtr'Tistir of the filri rourghnress. The front view of the wirrzit ic GriN Burin shows
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roinparahie roughniess. however, it docs not show any particular geometric pattrernl.
The cross-sectional SEI studies did not show anyv indication of columnar snorpholo--V.

Figure 4 shows 9 - 20 scans for GaN films' on Si(001) and Si(111). Tire GaN
film on Si(001) shows a peak at 29 = 40.0', which corresponds to (002) reflection of

4C,?N From theoe dati. the lattice constant was calculated to be 4.50A. The GaN
fihon onl Si(111) shows a peak at 34.6 degrees, which corresponds to (0002) reflection
of the wurtzite GaN, therefore. the the c-value for the wurtzite Ca-N was found to I-
5.1 sA.

IL

(a) (b)
Figure 4. 9 - 29 scans for (a) a zinichltnde Ca-N film on Si) 001). (b) it wirtzrrlc
CaN film Onl Shi(ll).

W1 N

Fiue5 -scan for (a) a zinichiende GaN film (b) a wurtzite GaIN film.

The O-scan for the zincblende CaN was performed at the (111) reflection. anm.
is show~n in Fig. 5(a). The daita clearly show that the peak repeats itself e'very 00
dlegrees. consistent with the cuhic symmetry of this material. The FWH.M (Full Width

atHalf Maximum) of these peaks. which measures the in-plaIne orientation;1l spreadl.
was found to be 2.3 degrees, while the FXVHNE of the 9-rocking curve at the 0)02)

reflection, which measures the orientational spread perpendicular to the sulrhstrare.
was found to be 1'[81.

The O-scan for the wurtzitic GaN was performed at the (1102) reflection. Chn~rly
the peak repeats every 60 degrees. consistent with the 3mm symimetry of the -otation
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axis. The FWHNI is found to he 1.9 degrees, while FWHM of the 0 - 2N-rockig ,urve
at the (0002) peak is found to he 0.9'

The data of Fig. 5 (a) and (b) indicate that there are no in-plai, u x ih'nted
donmins iii both structures. dhus further confirnis the good crystalliityv of GaN films
grown by the two-step process on both Si(001) and Si( 111) substrates.

The XRD shown in Fig. 4 indicates that while :3-GaN mar has a wirv imall
component of (111) or (0002) orintea omains[7."J. the, "-GaX app,';r:s to !e :, Pf",
single crystal. However, any stacking faults along the growth direction of the (;;a\ film
on Siu 111) can not be easily detectvd in the normal 0 - 29 scans[131. Such st;,-kig
faults tr, x-ery common defects in materials with the FCC or HCP strutires growing

alonu t-ý I111) and (0002) directions[14. Such stacking faults, if exist in the, wurTzitic
GaN films on 54(1 11), should give rise to a certain amount of cubic -aN colmiorlent
with the (111) planes pa.,'hI to the substrate. To explore this pos.ibility. we rotated
the amil~e in suthi a way that the ",-ray diffraction corresponds to the (WIl2) ref-nion
of tthe ;inbleade structure, aid indeed a peak was detccted at 20 = 40 detre-s This
is shown i it a 0 - 29 scan aronlm this peak Fig. C a).

-- I -- ____ - - -

(a) (b)
Figure 6. (a) 0-20 scan at the (002) reflection of cubic GaN grains in a wtmrrzitic
GaN film: (b) 6-scan at (Ii1) peak of cubic GaN.

to-
0 ,

- -o.oa 5

Ot. on S. i:

it. - - 5 I it-

ItOO0/T(K)

Fitur 7. Temperature d,,pendence of the re.istivity of GaN filmis
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To obtil) a st roniger reflect ion, O-scanls oil these clIihil. di ,xna ils were pn 'fi riiied

at (111) pieak, which is shown ni Fig. 6(b). These liata reveal ita repet 'it ion 'very O0
degrees. Since the (111) axis in t ilie zinil'leiide strut~ictu is oxillv a 3-old rotationAl
a xis. th oa - sen 0 should show at repet it ion every 120' in ~tvelo of every GO'.0 The'refore

lie o-scitn of Fig. 6(bh) indicates thlit thle dunei domIainls linve two ini-plane orient at ioii

dijifering by Ot0 df rvvs ili o. This call he accouintedl for if there are two kinids of tackitig
seqtieicl nmoely. A BC... and CBA..sequezicle. Thc foý t that the( peak at (ý 60'' is
of comiparahle int ensityv to tihe other two peaks suggest s thlot thle two typies of staciokiiig

sequenice occur withI an equial prohabidlit y. as is explected.
The existence of the cuitic C aN doniaiiis inl the' wutrt zi tI sturoetins imp1 les thle

existence' (If high conicenltrat ion oIf stacking fatilt s. This cotild be duec to t he fact that
lie cohlesive cliergil's of worlt A tI and1( ziteleldci~e CaN are coiiipnrabld. so thlit thel

formnat ion energy of at st~ackiiig fault is neglegil le. If thIiis is trite. t henll nio(f thle (0002)

oIrienited CaýN filiiis have at conside'rablle mi~otiiit (If stacking faultsý. Thiis is c'illrI'itly

beling iilvIstiglltld lxv NRD sti.is, (If CaiN on)i( 1120) and (00t01) (sapphire ý4iibltrhatO'11o).
Hllxvevl'r. o(ill' sholdlll inot rulle oult I11hat ill'- high l'lliiI''It rat olo of 4 aekilig fillultý ill Ca;N

mid Si. which couldl lead tll ieductioii (If tile forimiit illl l'ill'ii (If (tokuu als111c1
to IISt inct oral delformallt ioni.

Optical studl~ies suggests that the ziiicilenle CnN onl Si) 001 ) has ao Iirect 10n(110 gap

3.2f V atid 'urtzite C aN oil Si) 111 ) hatS a direc t bai (I~ gapt 3.4( 1'. GilN 0 itui ol SiOtt 1)
mud Si (111) hav com(I ilparable' rI (liii t etllperilt tire resist ivityv. (If tIll' oIrder of 1 tttcmhu
Tin' ac(tivatio (Itlemlegy froui till t('lemn'ot lie dependencel'l (If th n-i' Astivil\' v (Figure 7)

(()0N:C'T. SIONS

fii cllcii'tisi(Il. CliN filis Veit - u'IesIivgiowiu orl 5i tIl and ) 111) llsll~,

uisiing till(' two'l-s.teIp pro cess. The filins oil1 Si) Ott1) are' sin gile l'i\ talii o'i l iutiig tin'(

RIIEEi suiggest tha littll', wutrtzit ii CaN onl Si( 111) is siniigc ci ' .4fallizivI. c'Ili~(lli'il~lel

showedl'l compilaralel ell ecl1Itrical p ropertie's. Th t'lilp'atlr i'ltli'i''(fti rl'sit'tixit V
givI's a def'ect level at 11 OiiieX for wivrtzi tio' CaN muid 80mnA'' for ctuiic Ca N. O pt icall

stilnIP's show thailt t hey have slight tlifl'lretlt 111111 glap.
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GROWTH DEPENDENCE OF THICKNESS, MORPHOLOGY AND ELECTRICAL
TRANSPORT OF InN OVERLAYERS ON AIN-NUCLEATED (00.1) SAPPHIRE

T. J. KISTENMACHER, S. A. ECELBERGER AND W. A. BRYDEN
Applied Physics Laboratory

The Johns Hopkins University, Laurel, MD 20723-6099

ABSTRACT

The seeded-heteroepitaxial growth, morphology and electrical transport
properties of InN overlayers deposited by reactive magnetron sputtering on AIN-
nucleated (00.1) sapphire have been investigated. For comparison, InN films were
grown directly onto (00.1) sapphire under identical experimental conditions. These
unseeded films showed a unimodal growth and were a mixture of textured and broadly
heteroepitaxial grains. Low Hall mobility and carrier concentration and high resistivity
were typical. In contrast, the AIN-nucleated InN overlayers exhibited a bimodal growth.
strongly heteroepitaxial grains, and high Hall mobility. A particularly interesting aspect
of the films grown on seeded (00.1) sapphire is the preservation of electrical continuity
and high Hall mobility even in the limit of InN overlayers with thicknesses only on the
order of 20-40A.

INTRODUCTION

It is well known [1-2] that as the lattice mismatch for heteroepitaxial systems
increases, the film nucleation mechanism changes from the Frank-van der Merwe
(layer-by-layer) to either the Stranski-Krastnov or Volmer-Weber (3D island) growth
mode. It is also becoming more widely appreciated that seeded heteroepitaxy can
alter the choice of growth mechanism and therefore significantly modify dependent
physical properties. Very recent examples of the utility of seeded-heteroepitaxial
growth include: the deposition of smooth, high mobility films of GaN on AIN-nucleated
[3] and self-nucleated (00.1) [4] sapphire; the achievement of heteroepitaxial TiN films
on Si(100) mg self nucleation [5]; the study of the intrinsic magnetic anisotropy in Co/M
(M = Au [6], Pt [7], and Pd [8]) epitaxial superlattices; and, finally, the growth of highly
oriented cubic zirconia on (00.1) sapphire [9].

In this report, aspects of our continuing studies [10] on the growth dependence
of thickness, morphology and electrical transport for InN films deposited on (00.1)
sapphire and AIN-seeded (00.1) sapphire substrates are presented.

EXPERIMENTAL

All films were grown in a magnetron sputter deposition system with a typical
base pressure near 5 x 10 '8 Torr. The targets were Al or In disks with purity in excess
of 99.99% and growth was carried out in 99.999% pure N2 gas at a pressure of 5
mTorr. The substrates were chemically polished (00.1) sapphire which were
degreased and subsequently heated to 9000 C in v__u . For the InN films deposited
directly onto (00.1) sapphire, the substrate temperature was then reduced to 4000C,
and film growth (rf; 50W) initiated. For the InN films deposited onto AIN-nucleated
(00.1) sapphire, the temperature was intermediately reduced to 6000 C and an AIN

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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nucleation layer was dc sputtered (500mA, 325V; 15min, -400A), and finally the
temperature of the nucleated substrate was reduced to 4000C and the InN overlayer
grown.

RESULTS AND DISCUSSION

To establish a framework for discussion, a description of the properties of the
InN films deposited directly onto (00.1) sapphire at 4000C is first given. From Figure
1, it can be seen that there is a single, essentially linear dependence of film

0F

3 5/

SPUTTEPING TIME (HR) 0(MIP1111

Figure 1. Dependence of film thickness Figure 2. Variation in percent epitaxial
film on sputtering time for InN films grains with film thickness for InN films
grown on (00.1) sapphire (-) and on grown on (00.1) sapphire (+) and on
AIN-nucleated (00.1) sapphire (o). AIN-nucleated (00.1) sapphire (o).

thickness on deposition time. Moreover, these films are a composite of substantial
fractions of textured [(00. 1 )InN//( 0 0 .1 )sapphire] and broadly heteroepitaxial [additionally,
(10.0)nN//(11.0)sapphire] grains (Figure 2) and show a uniformly poor Hall mobility
(Figure 3), low carrier concentration and high resistivity. These results are typical of
thin films of InN on (00.1) sophire having evolved by a 3D island growth mode and
comprised of a mosaic of weakly interacting columnar grains.

The rather mundane properties of these InN films on (00.1) sapphire are
contrasted by the characteristics of the InN overlayers grown on AIN-seeded (00.1)
sapphire. Firstly, the AIN-nucleated InN overlayers are found to be composed almost
entirely (Figure 2) of heteroepitaxial grains showing the same heteroepitaxial
relationship to the sapphire substrate as for the unnucleated films. Importantly, this
heteroepitaxial relationship prevails even from the very thinnest films investigated (-20-
40A) on up to a film thickness of over 3.5mm. At the limit of the thickest films
investigated (-4,51m), the structural and morphological correlations significantly
degenerate, and the films are either largely textured (T) or heavily epitaxial (E) and

I
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exhibit significantly different thicknesses (Figure 1) and transport (Figure 3) properties.
Secondly, two distinctive regimes are readily identified for the dependence of

overlayer thickness on deposition time, viz. Figure 1. Consistent with these and other
data [1-2], the morphology of the InN overlayers on AIN-nucleated (00.1) sapphire in
the early time regime likely evolves via a 2D layer-by-layer growth mechanism. For
longer deposition times, these results are suggestive of a change in growth mechanism
and a likely crossover to a large grain, 3D island mode.

65 5-- , - - -

550.5 0T

455

65

35 'IT 0
~oe 0 05 1.0

50 0.8 0X? iT 0. 4
0 0.1 0? (

0 2 3 4 6 2 3 4 5

THIICKf( SS iMICRONS) THICKNESS (MICRONS1

Figure 3. Dependence of Hall mobility Figure 4. Variation in resistivity
on film thickness for InN films with film thickness for InN films
grown on (00.1) sapphire (+) and on grown on AIN-nucleated (00.1)
AIN-nucleated (00.1) sapphire (o). sapphire (o).

Thirdly, the electrical characteristics of these InN overlayers are quite interesting.
From an InN film thickness of about 20-40A to over 3.5Mm, Figure 3, Hall mobilities
from 25 to 60 cm 2/V-sec are measured. For the thinnest of the InN overlayers studied,
electrical continuity is maintained in spite of the fact that the AIN nucleation layer is
composed of a high density of small particles (lattice mismatch for AIN and sapphire
of 13.2%) and that the thickness (20-40A) of the InN overlayer is very modest
compared to that (400A) for the insulating AIN-nucleation layer. Finally, the observed
variation in Hall mobility with film thickness shown in Figure 3 arises from competing
trends in carrier cuncentration and film resistivity. There is a smooth and rapid
reduction in carrier concentration as the importance of misfit dislocations and surface
scattering states decreases with increasing distance from the film/nucleation
layer/substrate interface. As can be seen in Figure 4, however, there is a sharp rise
in film resistivity with increasing InN overlayer thickness, followed by a local maximum
(possibly signalling the transformation from heteroepitaxial to homoepitaxial growth),
and then a slow rise.

In summary, thin films of InN have been deposited onto (00.1) sapphire and AIN-
nucleated (00.1) sapphire by reactive magnetron sputtering. The influence of the AIN
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nucleation layer on film thickness, morphology, and transport properties has been
shown to be dramatic. For example, the unnucleated films show a single 3D island
growth mechanism, while there is a crossover from a 2D layer-by-layer to a 3D island
growth mode at a critical film thickness for the AIN-seeded InN overlayers. Lastly,
while InN films grown directly onto (00.1) sapphire are a mixture of textured and
heteroepitaxial grains and generally exhibit poor transport properties at all film
thicknesses, AIN-nucleated overlayers as thin 20-40A show fully heteroepitaxial growth
and quite high electrical mobility.
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LOW TEMPERATURE PREPARATION OF GALLIUM NITRIDE THIN FILMS

ROY G. GORDON,t DAVID M. HOFFMAN+, AND UMAR RIAZ t

TDepartment of Chemistry, Harvard University, 12 Oxford Street, Cambridge, MA 02138
"Department of Chemistry, University of Houston, Houston, TX 77204

ABSTRACT

Gallium nitride thin films were prepared by atmospheric pressure chemical vapor
deposition from hexakis(dimethylamido)digallium, Ga2(NMe 2)6 , and ammonia precursors al
substrate temperatures of 100-400 'C with growth rates up to 1000 A/min. The films were
characterized by transmission electron microscopy, X-ray photoelectron spectroscopy, Rutherford
backscattering spectrometry and forward recoil spectrometry. The N/Ga ratio varied from 1.05 for
films deposited at 400 'C to 1.5 at 100 'C. The hydrogen concentration increased from 10 atom r"
for films deposited at 400 OC to 24 atom % at 100 'C. Films deposited at 100 'C were amorphous
but films deposited at higher temperatures were polycrystalline. Bandgaps of the films varied from
3.8 eV lfr films deposited at 400 'C to 4.2 eV at 100 'C.

INTRODUCTION

Gallium nitride is a semiconductor with a direct bandgap of 3.4 eV that has potential
applications in optoelectronic devices such as light emitting diodes and UV-emitting lasers I 11.
Because of its predicted large saturated electron drift velocity, gallium nitride is also a candidate tfr
use in high power, high frequency devices 121. Alloys of the group III nitrides, such as AIGaN
and GalnN, have also been widely studied because of their potential applications in microelectronic
and optoelectronic devices (31. To date, applications of gallium nitride have been limited because
most methods of preparation yield conductive n-type GaN. The conductivity is attributed to the
presence of nitrogen vacancies, which are thought to result because of the high temperatures,
required in the preparation of GaN films I1l1.

Chemical vapor deposition (CVD) routes to GaN include the use of gallium metal.
hydrogen chloride and ammonia at 800-1200 'C 141, gallium halides and ammonia at 600 'C I5.
61, and gallium alkyl complexes and ammonia at 500-700 'C 171. Recently, there has been a
considerable effort to develop lower temperature physical and chemical vapor deposition routes to
GaN. For example, electron cyclotron resonance plasma excited organometallic vapor phase
epitaxy has been used to deposit GaN films at 300 4(X) 'C 181. Lower CVD temperatures hae
been achieved by use of trimethylgallium and hydrazine (425-960 'C) 191 and the thermal
decomposition of diethylgallium azide, lEt2Ga(p-N 3 )13 (350-450) 'C) 110. 11.

We recently demonstrated that polycrystalline gallium nitride thin films deposited front
hexakis(dimethylamido)digallium, Ga2 (NMe 2 )6 (I), and ammonia precursors at 2(X) '(C 1121
according to the idealized chemical reaction shown below (eq 1). Ga2(NMe2) 6 is a moderately air-
sensitive solid which melts at 92 'C and sublimes readily under vacuum in the temperature range
7(0-80 CCI 13,141.

Ga2(NMe 2 )6  + 6NI13 • 2GaN + 6HNMe, (I1

Herein we report the extension of the gallium nitride synthesis to include temperature, ot
deposition in the range 100 to 4(X0 *C.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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H3C,, ,_CH 3

N
(CH3)2N,,,,.../ \ Ga.N(CH3)2
(CH3 )2 N0 ' / 'N(CH 3)2

H3 C CH 3

EXPERIMENTAL

General experimental procedures have been described previously [12,151. Rutherford
backscattering and forward recoil spectrometry were performed on a General lonics Model 4117
spectrometer. A gold-coated piece of Kapton (composition: C2 2H1ON2Os) was usd as the
calibration standard in the forward recoil experiments. The transmission electron micrographs and
electron diffraction patterns were obtained on a Philips EM420T scanning transmission electron
microscope. Transmission spectra were recorded with a Varian 2390 spectrophotometer for
samples deposited on quartz. Refractive indexes were measured with a Rudolf Auto-EL
ellipsometer for samples deposited on silicon.

RESULTS

Film depositions from Ga 2 (NMe 2 )6 and ammonia were successfully carried out on silicon,
quartz and glass substrates in the temperature range 100-400 'C. At each deposition temperature
the highest growth rates of up to 1000 A/tmin were obtained when the bubbler assembly containing
the precursor and the reactor feed lines for the gallium complex were maintained at 100 and 130 'C.
respectively. The films showed good adhesion on all substrates by the adhesive tape criterion and
were not visibly affected when placed in concentrated hydrochloric acid for 5 minutes.

The nitrogen to gallium ratio in the films was determined by Rutherford backscattering
spectrometry (RBS) for films deposited on silicon. The results are summarized in Table I. In
general, the films were nitrogen rich but the amount of excess nitrogen decreased as the
temperature of deposition increased. No signals due to carbon or oxygen were observed in the
RBS spectra.

Table 1. Composition of Gallium Nitride Films

Temperature of Deposition N/Ga ratioa H contenth
(0C) (atom %)
100 1.50 24
2(X) 1.20 19
300 1.05 14
400 1.(5 10

a The error in these values is estimated to be _+0.05.
h The error in these values is estimated to be ±+1%.

Forward recoil spectrometry (FRS) was used to determine the hydrogCn content of the
films (Figure 1). The content decreased by =5 atom % for each I(W) 'C increase in deposition
temperature. The smallest amount of hydrogen (= 10 atom %) was found in the films deposited at
400 'C.

X-ray photoelectron spectra were used to estimate the amount of carbon and oxygen in the
films. After sputtering (3-keV Ar+ sputter gun) into the bulk of the films, no carbon signals were



447

observed which indicated that the concentration of the carbon was less than 1-2 atom %. None of
the films examined had more than 5 atom % oxygen present in the bulk. The binding energy of the
Ga 3d peak was 19.4 eV, which is consistent with the value reported previously for GaN 1161.

650

a

S325-

C

50 100 150 200 250 300

Channels

Figure I. FP q spectra for GiN film,; depo,;ited on silicon at 100 (a), 200 (b), 3X) (c) and 400
(d) 'C.

Transmission electron microscopy (TEM) was used to examine the morphology of the
films. The films deposited at 100 TC were smooth and featureless and showed a diffuse electron
diffraction pattern consistent with an amorphous material. Films deposited at 200, 300 and
4(X) 'C, on the other hand, gave well-defined electron diffraction patterns indicative of a

Figure 2: Transmission electron micrograph of Figure 3: Electron diffraction pattern for a
a GaN thin film deposited at 4(X) 'C on GaN film deposited at 400 'C on carbon-
carbon-coated mica coated mica.
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polycrystalline material. The diffraction patterns were consistent with the hexagonal phase of
gallium nitride [171. Micrographs indicated that the films were dense with a crystallite size in the
2-10 nm range. The TEM micrograph and electron diffraction pattern for a film deposited at 4X) TC
are shown in Figures 2 and 3.

Transmission spectra recorded for films deposited at 100, 200 and 4(X) 'C are shown in
Figure 4. The films showed a high transmittance in the visible region. The optical band-gaps of
the films were estimated by plotting hv vs (ah V)1/

2 where hv is the photon energy and a is the
absorption coefficient. This procedure revealed that the bandgap decreased as the deposition
temperature was increased (Table II) from a value of 4.2 eV for films deposited at 100 'C to 3.8 eV
for films deposited at 400 'C. The bandgaps were higher than the value of 3.4 eV reported for
single crystal gallium nitride [IJ.

1.0"

4)
€ 0.8

, 0.6-
E 100 °C

-- 0.2-

0.0,
200 300 400 500 600 700 800

Wavelength (nm)

Figure 4. Transmission spectra for gallium nitride films deposited on quartz at 100W 200 and
400 0C.

Table II. Optical Properties for Gallium Nitride Films Deposited on Quartz.

Temperature of Deposition Bandgapa Refractive index(°T) (ev
10) 4.20 1.86
200 4.10 2.08
300 4.10 2.10
400 3.80 2.17

a The error in these values is estimated to be ±0.05.

Refractive indexes of the films were found to increase with deposition temperature. For
example, the values were 1.86 at 100 'C and 2.17 at 400 'C. Refractive indexes in the range 2.03
2.5 have been reported for gallium nitride 118). For all deposition temperatures the films had
resistivities greater than 108 Q cm as determined by the four point probe method.

Hexakis(dimethylamido)digallium was also examined as a possible single source precursor
to GaN films. In the substrate temperature range 100--300 'C no film deposition was observed
from the single-source precursor system on silicon or glass. However, at 400 TC under deposition
conditions that were similar to those described above for the dual precursor system, films wkere
obtained on silicon. Analysis of the films by XPS revealed that after sputtering into the bulk of the
sample, only strong gallium and weak oxygen signals were observed. No signals attributable to
carbon or nitrogen were detected.
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DISCUSSION

Hexakis(dimethylamido)digallium and ammonia is a promising precursor system for the
low temperature chemical vapor deposition of gallium nitride thin films. Films deposited by this
method showed good adhesion, good chemical resistance and had high growth rates.

Films deposited at 100 'C were amorphous with hydrogen concentrations greater than 20
atom % and contained a large excess of nitrogen over the expected GaN stoichiometry. Films
deposited at 2(X-400 'C were polycrystalline (hexagonal). At the higher temperatures, the N:Ga
ratio was close to I and the hydrogen content was low. Hence, films deposited at 200 "C and
higher temperatures can be formulated as GaN containing residual hydrogen.

The refractive index of films deposited at 100 'C was 1,86, which is lower than the value
reported for gallium nitride 1181. This is probably due to a lower density of the films, which is
perhaps a consequence of the large amount of hydrogen in the films. Films deposited at 200 'C
and higher temperatures display refractive indexes close to the reported value. The hydrogen in
the films may also account for the discrepancy between the measured bandgaps (3.8-4.0 eV) and
the bandgap reported for crystalline gallium nitride (3.4 eV), since the amount of hydrogen and the
bandgap both decrease with increasing temperature of deposition.

The deposition of GaN films from Ga 2(NMe 2 )6 and NH 3 probably proceeds via Ga-NH,
and/or Ga=NH containing intermediates. Incomplete decomposition of these putative intermediates
may account for the large amount of hydrogen in the films at low temperatures.

CONCLUSIONS

Hexakis(dimethylamido)digallium and ammonia precursors deposited amorphous and
polycrystalline gallium nitride filmz at 100 'C and 200-400 'C. respectively. Because the
precursor mixture gave polycrystalline films with low carbon and oxygen contamination, the
system warrants further examination. In particular, single crystal films may be accessible if the
depositions were carried out over suitable substrates such as sapphire. Also, it may be possible to
use the Ga 2(NMe2)6/NH3 precursor system in combination with the AI2(NMe2)6/NH3 system,
which produced AIN films of similar quality in the same temperature range 1191, for the deposition
of AIGaN films.
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AN INVESTIGATION OF LIGHT INDUCED DEFECTS IN ALUMINUM NITRIDE CERAMICS

J.H. HARRIS and RA. YOUNGMAN
BP Research, Warrensville Research Center, 4440 Warrensville Center Road, Cleveland, OH 44128

ABSTRACT
It has been observed that aluminum nitride (AIN) ceramics exhibit a significant photo-darkening when
exposed to UV or X-ray radiation, though the origin of this effect has never been understood. In this
study, the optical character of these detects is investigated utilizing a UV-pump, visible-probe
arrangement, where very large changes AT in the probe transmission T (induced absorption) are
observed after excitation (AT/T-0.60). These experiments reveal that the photo-darkening is due to the
creation of light induced defects, with an energy level deep in the AIN bandgap. Utilizing these results,
a light induced defect formation model is proposed which is consistent with the known defect chemistry
of this material.

INTRODUCTION- OXYGEN DEFECTS IN ALUMINUM NITRIDE
Oxygen related defects in aluminum nitride (AIN) ceramics have been the subject of numerous studies
over the past two decades. This defect, which has been investigated utilizing photoluminescence [1-4],
X-ray diffraction [1,5,6[, NMR [7[, thermal conductivity measurements [1,5,8,9[ and electron
microscopy [10-13], has been shown to influence phase and polytype formation [13-15], optical

properties [1-4,16-181 and thermal conduction [1,5,8,9,19,20] in AIN ceramics and single crystals [1,5].

The earliest comprehensive modelling of the oxygen defect in AIN ceramics, with particular emphasis
on its effect on thermal conduction, is the work of Slack [5]. In these studies, Slack proposed that
oxygen substitutes for nitrogen in the wurtzite AiN lattice (tetrahedrally coordinated Al and N sites) with
the subsequent formation of an aluminum vacancy (VAI) as a charge balancing mechanism. Slack
supported this model with the results of X-ray diffraction lattice parameter measurements and thermal
conductivity measurements performed on single crystal samples.

Recently, Harris et al. have elaborated on, and extended, the Slack model by illustrating that a
transition irY the nature of the oxygen related detect occurs for oxygen concentrations above a critical
value 11,21]. These workers studied the manifestations of this transition utilizing photoluminescence
spectroscopy, X-ray diffraction derived lattice parameter measurements and thermal resistance
measurements. In the luminescence experiments, AIN ceramic and single crystal samples with varying
oxygen concentrations were excited at 267nm. The results ot this experiment, shown in Figure 1 for
273K, indicated a significant shift in the luminescence peak as oxygen concentrations were increased
up to 0.75 at.%; whereas above this value the peak became stationary. At this same transition point a
significant increase in the luminescence intensity was observed. The nature of this transition is further
revealed in the AIN unit cell volume as a function of oxygen content as shown in Figure 2. Note from
this figure that the AIN lattice is observed to contract as oxygen is dissolved up to a concentration near
0.75 at. percent (labelled region I), but further oxygen addition re-expands the AIN lattice (region 11)

A schematic of the model proposed by Harris et at. to explain their experimental findings is shown in
Figure 3. This model contends that at oxygen concentrations below 0.75 at.% (region I), the oxygen
defect consists of oxygen substituted on a nitrogen site ON and an aluminum vacancy VAI (with a ratio
ON/VAI=3), as first proposed by Slack [5]. This defect is shown schematically in Figure 3(a). As
analyzed by Harris et al., the presence of vacancies on the Al sub-lattice produces the lattice
contraction shown in Figure 2 111. The thermal conduction modelling performed by these workers also
indicates that both ON and VAI must be charged detects (correlated to each other via a coulomb
interaction) [11 As oxygen concentrations exceed 0.75%, a transition in the oxygen accomodating
defect occurs. The region It defect, which forms at the expense of the defect complex of region I (VAI +

ON), consists of Al atoms octahedrally bound to an increasing number of oxygen atoms, as shown
schematically in Figure 3Sb). Thus for each octahedral defect formed, two aluminum vacancies are
annihilated. This explaint; the re-expansion of the AIN lattice, shown in Figure 2. as the oxygen
concentration increases in region I1. At still higher oxygen concentrations, Harris et al. propose that this

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Figure 1: Steady state luminescence peak position and intensity as a function of oxygen concentration
in AIN ceramics at 273K.

Figure 2: AIN unit cell volume changes as a function of oxygen concentration (positive AV/V indicates
contraction).
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Figure 3: Schematic representation of the oxygen-related detect evolution as a function of oxygen
content: (a) isolated aluminum vacancy with associated oxygen: (b) aluminum octahedrally
coordinated to oxygen: and (c) extended detect.
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octahedrally coordinated Al atom unit can be used as a building block for producing the extended
detects frequently observed in AIN ceramics (e.g. stacking faults, inversion domain boundaries) as
pictured in Figure 3(c) [1].

It will be the goal of the remaining portion of this paper to show that the detect complex of region t, a
(negatively charged) aluminum vacancy coupled to a (positively charged) substituted oxygen atom,
may trap photo-excited carriers to populate a meta-stable energy level within the AIN bandgap (Eg-6.2

eV at T=300K). This excited level, which will be investigated via photo-induced absorption
spectroscopy, gives rise to a distinct photo-darkening of the AIN sample, as shown in Figure 4.

RESULTS- PHOTO INDUCED ABSORPTION MEASUREMENTS
In order to investigate photo-induced energy levels in AIN ceramics, a photo-induced absorption
experiment was undertaken. In this simple experiment, AIN ceramic samples are excited at 252nm
utilizing the (filtered) radiation from a Hg(Ar) vapor lamp while the transmission of a probe beam at
441 nm (HeCd laser) is monitored. A typical induced absorption trace is shown in Figure 5, where the
probe transmission (441nm) is monitored from time t=O and the UV lamp is activated at t=t 1 . Note the
significant decrease in the probe transmission (photo-induced absorption) observed for t>t1 . The
dynamics of this effect will be the subject of a future publication [221. At time t=t2, the UV irradiation is
turned off with the probe beam still activated. Note that the probe transmission increases (with time),
indicating a probe-induced photo-bleaching of the UV induced center. This photo-bleaching is clearly
evident by observing the sample after this experiment, where a light region is observed at the spot
where the probe beam was incident, whereas regions uneffected by the probe remain photo-darkened.

The AIN samples utilized in this study were prepared with either a Y2 0 3 sintering aid, which produces
AIN with Y-AI-O as a second phase [231, or with a CaO sintering aid, which produces AIN containing
no second phase 1191. All samples studied had a grain size >2um and were polished on both sides to
a 0.3,um finish.

In Figure 6 is shown the change in the probe transmission due to UV irradiation (AT) normalized by the
probe transmission before irradiation (AT/T), as a function of AIN oxygen content. Also shown in this
figure is the change in the AIN unit cell volume as a function of oxygen concentration. Note that as the
AIN unit cell volume contracts (indicating formation of aluminum vacancies) the magnitude of the
induced absorption effect increases; and as the unit cell re-expands (indicating annihilation of
aluminum vacancies), AT/T decreases. In Figure 7 is shown AT/T versus specimen thickness for
samples with two different oxygen contents. Note that in both cases there is a significant decrease in
AT/T as the samples are thinned. Also notice from this figure that to obtain a fixed value of aT/T.
thicker samples are required as the oxygen content is decreased.

DISCUSSION- A MODEL FOR PHOTO-EXCITATION OF ALN CERAMICS
The specific experimental findings briefly outlined in Section II may be generalized into a few key
observations concerning photo-induced absorption in AIN ceramics. First, and most important, as is
evident from Figure 6, the size of the photo-induced absorption effect scales with the concentration of
the region I defect (VAI + ON). This result provides direct evidence that this is the defect complex
responsible for the observed photo-induced effects. Also, as is evident from the sample thickness
dependence shown in Figure 7, for a sample with a fixed concentration of this defect, the magnitude of
AT/T depends on the number of VAI+ON centers excited by the pump. Thus as the thickness of the
sample (I) falls below the pump absorption length ,-(pump) (l<.,'(pump)), the number of excited
centers decreases and a corresponding decrease in AT/T is observed. In addition, the different value
of AT/T for given specimen thicknesses for samples with different oxygen concentration (and thus
different concentrations of VAI and ON) indicate the pump absorption length .- '(pump) is proportional
to the concentration 01 VAI, ON-

Utilizing these results, the following model is constructed for photo-excitation of AIN ceramics. In the
unexcited material, the defects ON, VAI are charged, as has been shown by Harris et al. from
considerations of thermal conductivity [1]. Upon UV irradiation, carriers are excited directly from band
states and trapped at these (Iocallized) charged sites (which are consequently partially or totally
neutralized). This creates a (metastable) energy level within the AIN bandgap, as shown schematically
in Figure 8. The direct population of this level by the pump beam explains the dependence of the
pump absorption on the concentration Of O

N
, VAI in a given sample. Photons from the probe beam

then de-traD these carriers, elevating them to extended states where radiative recombination
processes may occur. Thus after exposure to the probe, the ON and VAI centers are returned to their



454

UV on

675.
UV off pr =441 nm

C 4 .pump =252 nm

3 3-

2 2

1 t=ti 2
0 f i I 1 1 1 1

0 1 2 3 4 5 6 7 8 9 10

Time (minutes)

Figure 4: Photograph of AIN ceramic substrate selectively exposed to UV radiation (dark regions).

Figure 5: Typical probe transmission trace showing UV induced absorption (t1 <t<t2 ) and recovery

after UV pump is turned off (t>t2).
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Figure 6: Normalized change in probe transmission AT/T as a function of the oxygen content of AIN

ceramics. Also shown is the AIN unit cell volume as oxygen concentrations are varied over the same
range.
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original charged state and the metastable energy level created by the pump is annihilated. This
explains the observed photo-bleaching effect induced by the probe beam.

Utilizing the thickness dependence of AT/T shown in Figure 7, an approximate value for .
1 

(pump)
can be estimated (for a sample with an oxygen concentration of 0.51 at.% ). Using this value, an
absorption cross-section for a probe photon with a wavelength of 441nm is estimated to be
approximately 2.5 x 10-19 cm

2
. The large magnitude of this cross-section indicates a very strong

coupling between the incident probe radiation and photo-excited carriers trapped at the (ON + VAI)
complex.

CONCLUSIONS
This paper presents the results of photo-induced absorption measurements performed on AIN ceramic
samples. The results of these experiments indicate that the defect responsible for the pronounced UV-
induced absorption (and hence photo-darkening) of this material is a substitutional impurity,
specifically oxygen residing on the nitrogen sub-lattice, in combination with an aluminum vacancy In
the model presented here, absorbed UV radiation causes a transition directly from the ground state to
a trapped state at the (charged) defect, producing a meta-stable energy level in the AIN bandgap.
Upon absorption of the probe beam, this carrier is de-trapped and elevated to extended states where
radiative recombination occurs. Thus the probe beam annihilates the meta-stable energy level created
by the pump. This model explains a number of diverse experimental findings, including. thp
dependence of AT/T on AIN oxygen content, the dependence of AT/T on sample thickness and the
observed photo-bleaching effect of the probe beam.
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CRYSTALLINE GROWTH OF WJJRTZITE GaN ON (1111 GaAs
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Gallium Nitride films were grown on (Ill1) Gallium Arsenide substrates using reactive

rf magnetron sputtering. Despite a 20%7 lattice mismatch and different crystal structure, wurtzite

GaN films grew epitaxially in basal orientation on (Ill1) GaAs substrates. Heteroepitaxy was

observed for growth temperatures between 550-6000'C. X-ray diffract ion patterns revealed

(0002) GaN peak with a full-width-half-maximunt (FWHMI as narrow as 01. 17". Possible

surface recotnstructions to explain the epitaxial growth are presented.

INTRODUCTION

Galliurn Nitride is a direct wide bandgap semuicoinductor (3.4 eV) having potential

applications for stiniulated emission in the blue. violet. and ultra-violet spectral ranize.

Development of GaN devices have been limited by problems in obtaining p-type conduction and

convenient Substrates for epitaxial growth. Recent reports of p-tx pe conduction 11.21 in M~g

doped samples show promise in this area. As seen in Table 1, there are no readjiy available

subst rates that are lattice toatched to GaN iii both lattice parameter and thermala expansion

coefficient. Sapphire has been frequently used despite a 10"i lattice mismatch. Attempts on

other substrates include: silicon 13.41. 1gallium arsenide 13.5.6.71. galli un phosphlide 131. and

silicon carbide 181. Aluminum nitride has been used effectively as a thin-film buffer laser on

sapphire for improved GaN growhthl 191. Table I sumntiarizes, the material daita for GaN and

various substrates. The lattice parameters for the cubic ers stals are given as the effective

spacing, in the HI 11I) plane corresponding to "'a" in thle wsurt! ite svstem for easier col pan somi.

T able 1. L at tice parameters and thermal ex pansion coefficitents of various substrates.

Material ILatt ice constant Aa~GaiN/AaS~il Thermal esp.
(A) i) coet. (\ 10,6/K)

(;aIN a= 3.189) ---- 5.6
_________ c= 5.182 ---- 7.7

A IN' a= 3.1 1 +2.5 5.3
c= 4.9X0) ---- 4.2

(t-SiC (6i11) a= 3.0)) +3.4 4.2
IC= 15. 11 --- 4.))

AI )0. t- 2.74 +10.1 7.5

1 c=12.9l ---- X.5
GaAs ( Il)I a= 3.997 -20,.2 .)

Mat. Res. Soc. Symp. Proc Voi. 242. 1992 Materials Reseairch Society
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Despite the large nmismtatch. GaAs is desirable due to its wide acceptance in the

electrooptic industry. Few researchers have used GaAs as a substrate for GaN growkth possibly

because early comparisons showed sapphire to pioduce smoother and more oriented GaN films

151, Recently. thle electrical properties of cubic GaN in a S-I-S structure onl (100l) GaAs growsn

by modified molecular beam epitasy has been reported 1101. Concurrent work inl Japan.

involving the growth of CaN on ( I11I1 GaAs by MIBE has also shossn wurtzite GaN on ( Ill

GaAs 16). however, our material appears to have narrower (O(1X)2) GaN x-ray diffraction peaks.

¶ GaN is typically growtn by chemical vapor deposition (CVD) or modified molecular beamn

epitaxy (MNIBE). Sputter deposition has produced highly resistive CaN films in thle past I1I11.

and although it is perhaps not suitable for the growth of minority carrier electronic devices.

t ~sputter deposition can be at viable mnethod for the study, of GaN growth kinetics and rudinientary

(iaN devices. In this paper. we report thle g~rowth of highly oriented %%Urt1ite GaN' films onl the

(I I Iiface of GaAs. [itt le ,train is Observed, but crystall ine cross i is a sensitive funtc tion of

temperature. The growth conditions and possible explanations for the hetcroepitax) are

detailed. This is the first report of crs stalline wurtzite CaN On (I I I GaAs b\ sputter deposition

techniquLes.

EXPERIENINTAI., PROCEDURE

The CaN films were deposited usinelj anl US Guti-lI 2 itich modular source. rile tarLeet

was pure gallium (99.999Q9t).9 held in a staitnless steel cup. Thle GaAs substrates sscre
devreased and( etched before deplositioni in at <1Il 1> directional etch tof 1 11)0: .5 If iS()4: I

H202- at 65"C for 2 minutes. Thle substrates were then rinsed wAith alcohol and dried before

ente rintic the ciait e r. The chanin er As as evacualted to less thanl 1 ()- Torr. atid theti back filled

with a mixture of N-)and Ar gas to 25 mn-orr. The substrates, oeLre heated to 500)-700"fC as

iMeasttred by a thermocouple claniped tn1 tilte surface Of tile tleat inc block. As sooti as, the

discharge was ignited, t[lie Gai target lItiq i fied antd sI owl v ftormed a iiit rided crutst. EN I sources

were Usedl to tideliver 110 ssAtius of rf ( 13.56 MsIDIi pow\er to file 2 inch target. [Ilie gross ti rate

Wsas titeastilred by at qtarti-crystatl oscilkitor calibrated %k ith at st\ ItIS profilontetcr. Grosst lrates

rati ed fromi I1-5 A/s. A fter de posit iont. tile substrates were cooled to 2(K1)"'( iii It I) nit n cciil

attmospihere at 3(0 iiiTtir. [Flie choice of tdepositiotn ptratteter.N for epitasial grosstl %%iii5s I'itil1\
determintted fromi our earlier Asork ott sapphire substrates 112,131, I lghter Itrid ia ICNs~rslr. oh

ititrocen (25 itForri sswere needed to ci sial lize CGtN oti ( Ill )Ga.s compared to rtie sapphi teI ~ ~~stihstrattes. I Iutever. sittiait ntitrogent floss rates (20)0 scetit atid N :..r ratios 7:.1) ss crc osed

RESULTS A~ND D)ISCU'SSION

'lIme (aN Wi llis mrs stal oricitmatl %ktt ts artls.'dNI( UsHIioc Smemimemi -ras. LillIratoitetetCIC

WIA(ulY .t. 154 tutu. [or icitlierattires beloss 550t'V otil\ titised juliaiss of (iaN sscee

Obtatined (I ligue I a) lIn this" telItperTtir tamle. thfilitssee 111SAVC hiAractieULd h\ rOUliI sUrtices

"ssthm nutmerotus thefects as seeit mit ligmie lb., [or grosstl teitipe ratires hctsseecn 55)1-000)A[
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(a) (111) GaAs
>, 5 2 5 °C

t 25 mTorr

in

GaN(222) GaAsX GaN

(0002)
( 0~)/ ./(1oT

10 20 30 40 50 60 70

20

. K ... :

(b)t

Figure I(a) X-ray diffraction pattern of GaN film grown at 525"C: and (h) the surface ot the
film characterized with many defects.

highly oriented basal plane GaN was achieved with much smoother surface morphology.

Figures 2a and 2b show the x-ray pattern and the surface morphology of a 2M) un film growkn

at 580 "C. The FWIIM of the (0(1(2) peak is 0. 17". The peak is located at 20=34.607" which

corresponds to a d-spacing of 2.58) A. The measured ((1002) plane spacing is therefore 5. 178
A. which agrees well with the theoretical value of 5.182A. [Despite the large lattice mismatch.

the (0(XX2) planes (to not appear appreciably strained. We did not observe any critical thickness

phenomen. For films grown under similar conditions. in variation in peak liocatfin or ",idth

was measured for fihli Iciiknesses ranging from 0.0(5 - 2 ttln.

For substrate temperatures greater than 62(VC the x-ray diffraction peaks vanished and

many films delaminated from the GaAs substrates. We found the delaliination coull be
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(a)
GaAs (111) 580 'C

25 mTorr

"a GaN (0002)

>1 •] FWHM =0.170

10 20 30 40 50 60 70
2e

(b)

Figure 2(a) X-ray diffracttion pattern of GaN film grown at 5800C: and (b) the smoother
surface morphology of this film.

minimized and in some cases eliminated if the films were cooled down slowly from the growth

temperature (-100"/hr). Also. no appreciable GaN x-ray peaks were observed at pressures

below 20 mTorr. To ensure the x-ray diffraction peak at 20=34.607' is indeed the (0X02)

wurtzite phase of GaN and not strained cubic GaN growing in the ( 111) direction, reflection

electron diffraction (RED) was employed. With the beam incident on the (1120) plane. onnlx
spots in vertical rows were visible as predicted by theory. Carrier concentrations for these GaN

films were all n-type and greater than 2 x 1018 cm-3.

We believe the reason highly oriented wurtzite GaN was obtained on (I0 ) GaAs can be

explained by examining the 2-D interface. Figure 3a shows the wurtzite and zinc-blende crystal

structures with the <01002> and <1 I I> directions aligned. The only difference between the

wurtzite and zinc-blende structures in these directions is the slacking order of the layers. The

(I I) GaAs face has the identical bond termination as the GaN basal plane substrate gould.
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The atomic spacing is the only difference between the (0002) GaN and (Il l) GaAs planes.

These similarities were the reason the (11l) face of GaAs was chosen over other orientations.

Heteroepitaxy on lalge mismatcn systems,, ha., b•ci aJhIcvcd on other rrnateria! sy.items when the

number of broken bonds is minimized and the 2-D interface lattices have a common superlattice

114,15, 16). The likelihood of epitaxy increases with the number of coincident sites. As seen in

Figure 3b, the (0002) GaN and (I 11) GaAs planes are overlapped. The larger unit cell drawn

has a considerably smaller mismatch (41/) between the two materials at room temperature.

(b) A <111> GaAs lattice site

(a) * <0002> GaN lattice site

A e, A, . A A

WURZITE ZINC BLENDE . . . .*

A n A A A A A

Figure 3(a) Wurtzite and zinc-blende crystal structures oriented with the basal plane and (I 1)
directions aligned: and (b) Overlap of the ( 11) GaAs and (0002) GaN planes. The larger unit
cell represents a 4% mismatch.

CONCLUSIONS

In summary, hexagonal GaN has been grown epitaxially in the basal orientation on the

(I ll) face of GaAs using rf reactive sputter deposition. Phase identification is verified with x-

ray diffraction and RED measurements. A narrow temperature regime (550-600"C) is defined

which produces highly oriented films with stnooth surface morphologies. The differences in

the 3-D crytstal structures appear to be less important than the similarities of the 2-D interface

for the (0X)02)GaN/(1 I I ) GaAs system.
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EPITAXIAL GROWTH OF AIN ON 3C-SiC AND AI20 3 SUBSTRATES

B. S. SYWE, Z. J. YU, AND J. H. EDGAR
Department of Chemical Engineering, Kansas State University, Manhattan,
KS 66506-5102.

ABSTRACT

AIN films were grown on the (100) plane of 3C-SiC/Si and the (0001) plane of
AIO3 substrates by metalorganic chemical vapor deposition (MOCVD) using
trimethylalumlinum (TMA) and ammonia (NH 3 ) as the precursors. The deposited films
were characterized by X-ray diffraction (XRD) and a Read thin film camera. At 1150'C,
preferentially oriented polycrystalline AIN films were obtained on both substrates and the
crystal structure was wurtzite. The epitaxial relations were (I10T)AIN//(l00)SiC//(100)Si
and (0001)AIN// (0001)AI 2 03 . The attempt to grow cubic AIN on 3C-SiC/Si was not
successful.

I. INTRODUCTION

Aluminum nitride (AIN) is a wide band gap (Eg=6.2 eV), III-V semiconductor
rarely studied in single crystal form. It is a highly refractory ceramic which has potential
applications as a substrate material in high performance (high power. high temperature,
high speed, and high density) devices because of its unique properties. Among these
properties are excellent thermal conductivity, thermal expansion coefficient matching that
of Si, good electrical insulation characteristics and nontoxic nature.1 2 The difficulties
associated with producing single crystal AIN are responsible for the limited exploration of
its applications in crystalline form. The demonstrated applications include its use as an
electrical insulator and circuit passivation in GaAs-based electronic devices. 3 ,4 and in
forming alloys with gallium nitride (GaN) to produce blue and ultraviolet light emitting
diodes (LEDs) and lasers. I,6

AIN films have been grown by various techniques such as MOCVD. 7 -"
sputteringa and molecular beam epitaxy (MBE). The most successful epitaxv to date
was on sapphire (Al 2 0.,) substrates. Because of the large lattice mismatch (13.2% )
between AIN and AIO2,0 the deposited films, though single crystal in nature, contain a
large number of crystal defects which degrade their properties.

Recently, two types of silicon carbide (SiC) have become available; the cubic
polytype epitaxially deposited on silicon substrates (3C-SiC/Si) and bulk crystals of the
hexagonal polytype (6H-SiC). The lattice mismatch between AIN (commonly in the
wurtzite structure) and 6H-SiC is less than 1% as would be the mismatch between cubic
AIN (should it exist) and cubic SiC. I I Therefore, SiC would be a superior substrate for
AIN epitaxy. MBE of GaN on both SiC substrates (with a lattice mismatch less than 4%)
has shown an improvement in crystal quality over that of GaN grown on Al.. 03 substrate
(with a lattice mismatch of 16.1%).' 8 Furthermore, GaN grown on cubic SiC also exhibits
the cubic structure. 8,1 9 Based on this information, this work was dedicated to depositing
AIN on 3C-SiC/Si, as well as on Al 03 substrates, with the goal of producing cubic AIN
on 3C-SiC/Si substrates. Potential applications of epitaxial AIN on SiC include its use as a
substrate for GaN epitaxy, or as an alternative insulator (to SiO. ) for SiC based devices.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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11. EXPERIMENTAL

AIN was deposited in a standard atmospheric MOCVD system using
trimethylaluminum (TMA) and ammonia (NH 3 ) as the source precursors. The
water-cooled quartz reactor was 50 mm in diameter, and in a horizontal configuration.
TMA and NH 3, carried by Pd-cell purified hydrogen (H.), were separately introduced
into the reactor to avoid the room-temperature predeposition reaction.7 The distance
between the TMA delivering tube and the susceptor was 10 cm. The susceptor was a
graphite electric heater, 60 mm long x 40 mm wide x 1 mm thick, coated with boron
nitride. The temperature of substrate was monitored by a type S thermocouple attached
underneath the susceptor, and further calibrated by an optical pyrometer to account for
the temperature gradient in the thickness of th. susceptor.

The 3C-SiC/Si substrates were provided by NASA Lewis Research Center in
Cleveland, Ohio. The epitaxial SiC layers were deposited on Si(100) with a two-step CVD
process at 1350'C for two minutes, and the resulting thickness was about 1500 A,.2 The
orientation relationship is (100)3C-SiC//(100)Si. The A12 0 3 (0001) substrate was a bulk
crystal wafer 20 mm in diameter. In the present work, both 3C-SiC/Si and Al 2 03
substrates were cleaned by a sequence of trichloroethylene. acetone, methanol, and
deionized water, followed by a 49% HF etching. An additional pregrowth etching was
applied in a H2 carrier gas at I 100°C for 15 min to remove any Irace of contaminants and
produce a surface suitable for epitaxy. AIN was grown at 1150'C with a high flow rate
(1500 sccm NH 3 . 15 sccm H2 through TMA bubbler, and 4000 sccm back-up H,). The
resulting growth rate of AIN was 0.4 pjm/hr for 3C-SiC/Si and 0.8 pm/hr for Al 2 03,. as
determined by examining the mass changes of each sample after deposition. The
crystallinity of the grown films were characterized by X-ray diffraction (XRD) with Cu-KQ
radiation, and a Read thin film camera.

Ill. RESULTS AND DISCUSSION

The X-ray diffraction patterns of both AIN/3C-SiC/Si and AIN/At 2 0 3 samples are
shown in Figure 1. The thickness of the AIN layer in these samples were about 0.3 p.m and
0.6 ptm, respectively. As shown in Figure 1, only a single Bragg peak from AIN was
detected in both cases, indicating that the AIN films were well oriented. The peak
(20=33.0') appearing in the AIN/3C-SiC/Si sample corresponds to (1010) diffraction

(u) (b)

-A120,
C: I

(0006)

-AIN
> SiC(200) AIN00O10) (- t0002)

40 35 30 40 35 30

-20 -20

Figure 1. X-ray diffraction patterns for (a) AIN/3C-SiC/Si and (b) AIN/AI 2 03
samples deposited at 1150'C. The thickness of AIN layers were about 0.3 pm and
0.6 p~m. respectively. The Si diffraction peak at 20=69.2 is not shown in (a).
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from AIN, while the peak (20=36.1') appearing in the AIN/Al 2 03 sample is due to
(0002) diffraction from AIN. 2 ' These results indicate that wurtzite AIN was grown on
3C-SiC/Si with the c-axis perpendicular to the growth direction. An identical orientation
relation was also reported previously in AIN on Si(l00). 2 

2 In contrast, AIN grown on
Al 203 was oriented with the c-axis parallel to the growth direction, a common
observation in literature. 7,,1 2

The crystallinity of the grown AIN films on both substrates was further investigated
by a Read thin film camera, which is basically a modified Debye-Scherrer camera with the
substrate tilting at an angle to the incident X-ray beam. With an angle of 17°and an
exposure time of 5 hours, the diffraction patterns shown in Figures 2 and 3 were obtained.
Because the deposited layers were very thin, the intensities from the films were very weak.
Figure 2(a) is the Read pattern for a single crystal Si(100) sample without any epilayer.
Each spot on the photograph is generated by the constructive diffraction of a particular
family of lattice planes. Figure 2(b) reveals some extra spots, generated by the SiC layer

Figure 2. Read camera patterns for (a) Si, (b) 3C-SiC/Si, (c) AIN/3C-SiC/Si. and (d)
AIN/Si samples. AIN films were deposited at 1150'C for (c) and 450'C for (d). The
tilting angle was 17' and the exposure time was 5 hours for these photographs.
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on Si substrate, in the bottom region of the photograph. Figure 2(c) is the Read pattern
from the same AIN/3C-SiC/Si sample in Figure 1(a). More spots with streak pattern
appear in the bottom region. These segmented spots suggest the AIN laycr was
preferentially oriented polycrystalline film. If a randomly oriented polycrystalline film
were obtained, one would expect seeing rings in the Read pattern. Figure 2(d) gives an
example of randomly oriented polycrystalline AIN film, grown at 450'C, on Si(100)
substrates. As shown in this photograph, several concentric rings are visible, which reveals
the randomly oriented polycrystalline nature of this film.

Figure 3(a) and 3(b) reveal the difference of the Read patterns before and after
deposition of AIN on AI 2 0a2 substrate. Again using the same sample in Figure 1(b), some
extra segmented spots can be easily seen in the bottom of Figure 3(b), suggesting the
preferentially oriented nature of the AIN film on the Al 2 03 substrate. Comparing the
Read patterns, Figure 2(c) and 3(b), for the AIN films on both substrates, we can roughly
estimate the crystal quality of AIN film on AIO3 is superior to that on 3C-SiC/Si
substrate since Figure 2(c) reveals a longer streak pattern for the extra spots from AIN
film. This is not surprising anyway, because as a substrate for wurtzite AIN epitaxy,
3C-SiC does not offer any advantage. The lattice mismatch between wurtzite AIN and
3C-SiC is 28.6%, much bigger than 13.2% for AIN and A12 0 3 . At this stage, we are
unable to identify the types and densities of the structure defects in these samples. Also.
more research is needed to characterize the electrical properties of AIN film on 3C-SiC
substrate.

Figure 3. Read camera patterns for (a) A 12 0 3 and (b) AIN/A 12 03 samples. The
AIN film was deposited at 1 150'C. The tilting angle was 17' and the exposure time
was 5 hours for these photographs.

IV. CONCLUSIONS

Epitaxial AIN films were grown on both 3C-SiC/Si and Al2 03 substrates at 1 150'C
in a horizontal MOCVD reactor using TMA and NH3 as the precursors. AIN grown on
3C-SiC/Si reveals the wurtzite structure. as does the AIN on Al. 03 . The epitaxial
relations are (10710)AINII( 1OO)SiC//( I 00)Si and (0001 )AIN//(00() )Ai, 03 . The
crystallinity of the AlIN films were examined by a Read thin film camiera and the result



467

showed preferentially oriented ploycrystalline AIN films were obtained on both substrates.
More research is needed to characterize the crystal defects as well as the properties in
these films.
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STRUCTRUAL CHARACTERIZATION AND RAMAN SCATTERING OF
EPITAXIAL ALUMINUM NITRIDE THIN FILMS ON SI(111)

W. J. Meng, T. A. Perry, J. Heremans, Y. T. Cheng
General Motors Research Laboratories, Warren, Michigan 48090

ABSTRACT

Thin films of aluminum nitride were grown epitaxially on Si(111) by ultra-
high-vacuum dc magnetron reactive sputter deposition. Epitaxy was achieved at substrate
temperatures of 6000 C or above. We report results of film characterization by x-ray diffrac-
tion, transmission electron microscopy, and Raman scattering.

INTRODUCTION

Heteroepitaxial growth of aluminum nitride (AIN) thin films has potential
applications in diverse areas such as surface acoustic wave devices[Ii, electronic device
thermal management[2], and substrate for growth of other refractory metal nitridesý3!.

Epitaxial growth of AIN on Si(111) substrates was achieved by chemical vapor deposition at
-1200'C[4] and by reactive sputter deposition at -1000°Cf51. We recently demonstrated
that epitaxial growth of .IN can occur on Si(111) at 600'C or above by reactive sputter
deposition under ultra-high-vacuum (UHV) conditions[6]. Here we report results of film
characterization. Film-substrate orientational relationship and crystalline quality of AIN
films were examined by x-ray diffraction, transmission electron microscopy, and Raman
scattering.

EXPERIMENTAL

Reactive sputter deposition of AIN was carried out in an UHV chamber with
base pressure - 2 x 10"o Torr[7ý. Si substrates were chemically cleaned followed by heating
under UHV conditions to -850'C[8]. Substrate temperature was measured by an optical
pyrometer. Growth took place in a mixture of Ar and N2 i7]. Growth was monitored in-situ
by an optical interference techniquej9]. After growth, films were examined by 0-20 x-ray
diffraction with CuKa radiation, by plan-view and cross-sectional transmission electron
microscopy (TEM), and by Raman scattering. Raman spectra were excited by an argon
ion laser (4880A) with an output of 50 mW (line focus, power density - 35 W/cm2 ) and
collected at room temperature.

RESULTS AND DISCUSSION

Results of 0-20 x-ray diffraction on AIN/Si(111) flins are summarized in fig.
1. Figs. 1(a) and l(b) show the low and high angle diffraction patterns of an AIN film
grown at 800'C. The low angle pattern shows regularly spaced interference peaks. Peak

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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positions 0,_ are related to film thickness d by,

s - sin2
e0 =~ (•)2(2m + 1)2, ()

where 00 is the angle of total reflection, m is the peak order, and A is the x-ray wave-
length[7]. Least squares analysis of data shown in fig. 1(a) according to eq. (1) yields an
AlN thickness of 862A. The high angle pattern shows expected Si reflections together with
AiN (0002) and (0004) reflections. The absence of other AIN reflections indicate complete
film texture with AIN(00011//Si[11lJ.

Results of electron diffraction on AlN/Si(111) films are summarized in fig. 2.
Figs. 2(a) and 2(b) show the plan-view and cross-sectional selected area diffraction pat'erns
(SADP), together with indexing, of two AIN films grown at 700 and 800'C, respectively.
The AIN film thicknesses were -450A. The plan-view SADP was taken from an area with
overlapping AIN and Si, and shows simultaneously the Si[lll] and A1N[0001i zone axis
patterns. Fig. 2(a) shows epitaxy of AIN on Si with AlN[11201//Si[11•O], in agreement
with previous reports[4[. The cross-sectional SADP shows simultaneously the Sii011[ and
AIN[2.110[ zone axis patterns. The orientational relationship of A1N[0001]//Si'111l and
A1N[0i10]//Si[1ll shown in fig. 2(b) supports the information shown in figs. l(b) and
2(a). Taken together, figs. I and 2 clearly demonstrates epitaxy of AIN on Si(111). Similar
diffraction patterns were obtained from AIN films grown at 800 to 600'C.

Both the in-plane and c-axis lattice parameters of AIN were measured from
data shown in figs. 1 and 2. Fig. 1 gives c=4.968A and fig. 2 gives a=3.104A. Both
measured values are cioe to the tabulated bulk values of c=4.975A and a=3.110Aý10',
indicating that no significant strain is present in the AIN films. Several groups of double
diffraction spots are present in the plan-view SADP shown in fig. 2(a). The strongest group
of double diffraction spots comes from Si{220} and A1N{11120 planes (smallest Ag)i6,111.
Plan-view high resolution micrographs, taken with diffraction condition corresponding to
that shown in fig. 2(a), is shown in fig. 3. Fig. 2 shows three sets of parallel Moire fringes
inclined at 60' to one another. Detailed examination shows threading dislocations in the
film, whose presence is revealed by extra half fringes[6]. Dislocation density was estimated
to be - 3 x 101 1/cm 2 . By counting the number of extra half fringes in three directions,
the in-plane component of the Burgers vector can be determined to be 1 < 1120 >[6'.
[oil] cross-sectional high resolution micrograph of the A1N/Si(111) interface shows parallel
lattice fringes of (111) Si and (0001) AIN extend up to the interface, indicating interface
sharpness and the absence of interfacial reaction[6].

While growth at substrate temperatures of 6000C or above resulted in epi-
taxy, polycrystalline AIN films resulted at lower growth temperatures[6 1 . Fig. 4(a) shows
a plan-view SADP taken from an AIN film grown at 5000C, taken in [00011 orientation. A
ring pattern was observed which, nevertheless, showed clear evidence of a remnant single
crystal pattern. Thus considerable in-plane alignment still exists. Figs. 4(b) and 4(c)
show the dark-field micrograph taken with the remnant (1010) spot and the bright-field
micrograph, respectively. Fig. 4(b) shows randomly distributed grains, 100 to 200A in
diameter, with similar crystallographic alignment.
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Fig. 1. 0-20 x-ray diffraction patterns of an AIN grown on Si(111) at 800°C: (a) low angle:
(b) high angle.

V ©
.-. .. .• • -

Fig. 2. Plan-view and cross sectional electron diffraction patterns of AIN fihii- on Si(111):

(a) plan-view; (b) cross-section.
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Fig. 3 (upper left). Plan-view high resolution nicrograph 4f ,,vrlappiu.g AIN and Si, calv
bar 115A.

Fig. 4 (iippter right). Plan-view TEM exarninatiii of an AIN filizn grown on Si( III at
500) C: (a) SADPý (b) dark-field: (c) bright field micrograph.
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Epitaxial AIN films of much larger thicknesses were also grown. Taking
advantage of the optical transparency of AIN, growth of AIN film was monitored in real
time with optical interference using a laser beam. Post growth examination showed single
crystal AIN film up to thicknesses of 0.71Lm[91. This thick AIN film was further examined
by Raman scattering. The Raman spectrum of a 732 nm AIN film grown on Si(l11) at
800'C is shown in fig. 5(a). The spectrum shown is dominated by single and multi-phonon
Si features[12]. The broad structures from 200-470 cm'- and about 700 cm-', and also
the small peak at 620 cm-', are due to multiphonon scattering from the Si substrate. The
intense line at 522 cm-' is the zone center Si mode. The peak at 654 cm t- is the only
structure in this spectrum attributed to AIN. This 5s confirmed by taking the difference
between fig. 5(a) and the spectrum of the bare Si substrate. The difference spectrum,
shown in fig. 5(b), shows the only remaining feature due to scattering of the AIN film.
For the spectra shown in g. 5, the light was incident and scattered along the c-axis
of the flmns (the film growth direction), with the polarizations of the the incident and
scattered light parallel {z(x,x)-z}. Rotation of the polarization {z(x,y)-z} yielded a similar
spectrum. AIN is known to have three Ram&LuaiLo--cd symmetries, Al, El, and E213.
In the backscattering geometry, the El modes are silent, and the E2 modes are allowed
for both parallel and perpendicular polarizations, the Al modes should be allowed for
parallel and forbidden for perpendicular polarizat' . ' 1, ,:,bserved mode at 654 cm-n is
close in energy to the E2 mode (655 cm-1) obser,.. 'v i an et aL.14ý. This mode is
quite broad (-, 17 cm-' FWHM). The broad widtii•- ti, onon, the absence of modcs
associated with Al symmetry, and the weak nature of the scattering are all consistent wi'•i
the high defect density in these AIN films.

SUMMARY

Characterization of AIN films grown on Si(lil) by UHV reactive sputter-
ing has been accomplished by x-ray diffraction, plan-view and crrss-sectional TEMI, and
Raman scattering. In addition to demonstrating epitaxy at relatively low substrate tem-
peratures (> 600'C), the epitaxial AIN films were shown to contain a high density of
threading dislocations. Although clear Raman scattering signature from the AIN film is
obtained, the relatively broad Raman peak is consistent with high defect density in the
AIN film.
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ABSTRACT

AIN ceramics were plastically deformed using uniaxial compression under
hydrostatic pressure between room temperature (RT) and 800'C. Deformation
microstructures have been studied by Transmission Electron Microscopy (TEM)
using the weak beam technique. The deformation substructure at RT is
characterized by perfect glide loops with 1/3<1120> Burgers vector in (0001)
elongated in the screw direction. When deformation temperature increases, the
screw character is associated to cross slip events and dislocation dipoles are
found. In the investigated temperature range, slip of dislocations with 1/3<1120>
Burgers vector is also evidenced on prismatic planes. Weak beam observations
failed to evidence any dislocation splitting. Some of these dislocation properties.
similar to those of IlI-V compound semiconductors, suggest that electronic doping
effects could be used to control plastic behaviour of covalent ceramics.

INTROI)LDCTIN

AIN is a ill-V compound semiconductor with a wide band-gap (6eV) which
crystallizes in the (2H) wurtzite structure. AIN is a prime candidate for VLSI
devices substrates since it exhibits excellent thermal conductivity, good electrical
insulation characteristics, and a coefficient of thermal expansion matching closely
that of silicon in the temperature range 293-473K 11,21. This is also a ceramic for
structural applications at high temperature in inert atmosphere, and as hard
coating of aluminum obtained by ion implantation 131. Furthermore, it is a model
material to investigate if the dislocation properties found in Ill-V compounds are
also relevant to wide band-gap covalent ceramics.

Plastic deformation studies of AIN were previously investigated with the
aim to obtain a better densification cof the ceramic material. Tests conducted at
high pressure 141. compaction by explosives (see for example 15,61) have
demonstrated that dislocations are activated. Preliminary results have been
reported also on the fine structure of dislocations after deformation at RT 171.

In this context a study of the plastic deformation of AIN, in a low
temperature range (RT-8000 C), has been undertaken. This paper focuses on the
dislocation substructures, studied by TEM, obtained in deformed samples.

Sintered AIN samples were obtained from ('eramiques Techniques
Desmarquet (Trappes, France). Concentrations of Y 2 0 3 . used as a sintering
additive, ranged from 1% to 20% of the total starting powders. Results presented
in this paper are concerned with two concentrations : NA3-119 (1 %Y0), and

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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NA 16-1 (20%Y 2 0 3 ). Samples were sintered one hour at 1700'(C. These samples
have been characterized at the TEM level before deformation : defects found in
sintered AIN grains consist of extended defects and dislocations 18.91.

Plastic deformation of AIN was achieved in a Griggs apparatus 1101 set up
in an Instron frame which allows to deform brittle solids. Deformation tests have
been conducted on AIN from RT up to 8001C under a confining pressure ranging
between 0.7 to I GPa at a strain rate i = 2.10-5 s-1, up to permanent strains of I
to 2%.

Slices were cut from the deformed samples and mechanically polished down
to 80 pm. Electron beam transparency was obtained by ion thinning. Thin foils
were observed in a JEOL 200 CX electron microscope operating at 200 kV. after
evaporating a carbon coating in order to suppress the build up of charges under
the electron beam.

RE'SUI.LTS

Dislocation microstructures after RT deformation

Most of the results on the microstructure of the NA3-19 (1%Y20 3 ) sample
has been reported in a previous paper 171. The three possible Burgers vectors
<1120> of the basal plane were observed, together with a strong screw character
of the glide loops. Additional observations have been conducted in NA 16-1
(20%Y-)0 3 ) where prismatic glide is also observed. Perfect dislocations of figure
I lie in the (1100) plane. The full glide loop is elongated in the screw direction
(Burgers vector 1/31 1201), showing, as well as in the basal plane, a strong
asymetry of dislocation mobility in the prismatic plane. Observations using the
weak beam technique fail to resolve any dissociation of the dislocations in the two
types of sample and the two different glide planes.

Figure 1. RT deformation (NAi6-1).
Glide loops in the prismatic plane
i/3111201(1100). Note the elongation
of the loops along the screw
direction. Weak beam conditions -
g = 0110 (g, 2.8g).

Dislocation microstructures after plastic deformation at 8000C

The deformation was stopped on the sample NA3-19 (1%Y20 3 ) at a stress
level of 1020 MPa, roughly a quarter of the stress level obtained at room
temperature. Figure 2 shows the microstructure in the basal plane. Dislocations
appear locally pinned which leads to cusped segments. This pinning seems to
result from cross slip events which can have started at impurities relevant to the
sintering process, Numerous dipoles and small loops resulting likely from dipole
annihilations are also observed. These features are characteristic of a medium
temperature type deformation. However, the screw orientation of dislocations is
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the dominant character as shown on figure 3. where two families of dislocations
1/3<1120> type are in contrast. These observations indicate that the low mobility
of screw segments still remains at 800'C'.

Figure 2. Microstructure after deformation at 8000C (NA3-19). 1/3<1 150> type
dislocations in the basal plane, Weak beam conditions g 0110 (g, 5.2g).

Figure 3. Microstructure after deformation at 8000C (NA3-19). Basal plane. Two
families of dislocations in contrast. Weak beam conditions g 1010 (g. 5.2g).
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In order to check the nature of the cross slip plane, additional observations
have been performed in the prismatic plane (1100) (fig.4). They reveal a high
density of dislocations. These dislocations (Burgers vectors are of 1/3<1120>
type) can belong either to the basal plane or to a prismatic plane of first kind.
This bears witness of a cross slip activity in this plane. Some of the dislocations
are oriented in particular orientation: the straight dislocation line arrowed on
figure 4 is oriented along 100011 and has a pure edge character. This feature could
be explained by a low mobility of the edge segment or by climb of this segment in
the prismatic plane of second kind.

Fizure 4. Microstructure after deformation at 800'C (NA3-19). Prismatic plane
(1100). The dislocation arrowed is a pure edge dislocation. Weak beam
conditions : g = 1120 (g, 3.1g).

D)I SC USSION

Although plastic deformation of ceramics in the temperature range
investigated could be achieved also by grain boundary sliding (not studied here).
our observations provide evidence that generation and multiplication of
dislocations take a major part in the deformation of AIN between RT and 800'C.
Glide occurs on the basal plane with dislocations having 1/3- i 20> type Burgers
vector. When temperature increases, the activity of first kind prismatic plar.,ýs
becomes more and more important, due to an easier activation of cross slip.
However, glide on first kind prismatic planes is also observed at RT (fig. 1).

An important feature of dislocations induced by plastic deformation is the

elongation of dislocations or dislocation loops in the screw direction. This feature
is more pronounced at low temperature but still remains after deformation at
800'C. although most of the dislocations having pinning points bow out between
these pinning points. The low mobility of screw segments has to be compared to
other III-V compounds : after deformation at low temperature, similar behaviour
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is observed in GaAs I111, InP 1121 and GaSb 1131. In those compounds,
deformation is controlled by screw dislocations and when temperature increases
the asymetry between non screw and screw characters is less and less important.
Another agreement with the microstructure of III-V compounds is that the
dislocation segments of glide loops observed in AIN lie along the <11250>
directions of the basal plane at RT, showing that dislocations have to overcome a
high Peierls potential when moving in this glide plane. Nevertheless, the
behaviour of dislocations in AIN differs somehow from other compounds when
temperature increases. In fact, the screw orientation remains the dominant
character but dislocation lines are not rectilinear. They are cusped and possess
numerous pinning points. What is the nature of the pinning poi"ts? Mhe stress
field due to a screw dislocation does not interact with a spherical impurity, so it is
reasonable to assess that pinning points could be associated to point defect
clusters.

Another interesting - and more intriguing- point to notice is that no
dislocation splitting can be evidenced using the weak beam technique. In
elemental (Si, Ge) and Ill-V compound (GaAs, InP .... ) semiconductors,
dislocations created by plastic deformation are dissociated at rest and move in this
configuration 1141. Under high stress, deformation occurs by the uncorrelated
movement of partial dislocations, yielding to large stacking fault ribbon. In oixr
experiments. the engineering applied stress varied from about 1000 MPa (at
8001C) to about 4000 MPa (at RT). The applied stress within the grains is
difficult to know since the exact orientation of the observed grains with respect to
the compression axis is unknown, moreover part of the deformation can be
achieved also by grain boundary sliding. However, it is likely that dislocations.
especially at RT. have been submitted to high stresses. No significant dissociation
being obtained in our observations suggests that AIN has a high stacking faul;
energy. Extended nodes, stacking faults and dissociated dislocations have been
previously observed in as-grown material leadinje to low values for the stacking
fault energy : from 4 mJ.m-2 1151 to 7.5 mi.m--j81. Such stacking fault energy
values would have led to a large splitting of <1120> dislocations under the high
stresses applied in our experiments. The different behaviour between dislocations
created during the sintering process and those created by controlled plastic
deformation could be understood by the effect of impurities on stacking fault
energy at high temperature on one hand. and on dislocation dynamics during lo%
temperature deformation, on the other hand.

('()NCIISION

Dislocations are responsible for the plastic deformation of sintered AIN
between RT and 800'C. Screw segments control deformation in this temperature
range. At RT, they are straight and well confined in the Peierls valleys. At 800',C.
screw dislocations are cusped and many cross slip events occur. The first kind
prismatic plane has been found to be the cross slip plane. Impurity clusters
interacting with screw dislocations are suspected to promote the cross slip
nucleation. Although large stresses were applied, no dissociation of dislocations
cr".ted by plastic deformation has been resolved. Other experiments with different
impurity concentrations are needed to clarify the cross slip abilities of screw
dislocations as well as the splitting mode of dislocations. Finally. microstructures
and plastic behaviour of sintered AIN are very similar to those of other III-V
compounds. This suggests that mechanical properties of aluminum nitride and
covalent ceramics could be improved by electronic doping.
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ABSTRACT

The dielectric functions e = E1+iE2 of AlAs were determined from 1.5 eV to 5.0
eV, by spectroscopic ellipsometry (SE), from room temperature (RT) to -577 'C in

an ultrahigh vacuum (UHV) chamber- Molecular beam epitaxy (MBE)-grown

AlAs was covered by a thin GaAs layer, which was passivated by arsenic capping to
prevent oxidation. The arsenic cap was desorbed inside the UHV chamber. SE
measurements of the unoxidized sample were made, at various temperatures.
Temperature dependent optical constants of AlAs were obtained by mathematically
removing the effects of the GaAs cap and substrate. Quantitative analyses of the

variations of critical-point energies with temperature, by using the harmonic

oscillator approximation (HOA), indicate that the E1 and E1 +A1, energies decrease

-350 meV as temperature increases from RT to 500 'C.

INTRODUCTION

AlAs is the binary endpoint of the AIxGa(].x)As system, which plays an

extremely important role in high-speed electronic and optoelectronic device
technologies. The materials in this alloy system are essentially lattice matched
over the entire composition range. As x value approaches to 1 (AlAs), sample
surfaces become so reactive that the oxidie layer can not be removed by wet-
chemical etching [1]. Therefore, studies of optical constants (dielectric function C

ElI +iE2) of AlAs, in the entire visible range, were not complete, especially at
elevated temperatures [2,31. In this paper, we report the results of in situ
spectroscopic ellipsometric (SE) measurements of dielectric functions E of AlAs, at
elevated temperatures, inside a UHV chamber.

THEORY

Spectroscopic ellipsometry accurately determines the complex ratio p = R1 / R,,
where Rp and Rs are the reflection coefficients of light polarized parallel to (p) or
perpendicular to (s) the plane of incidence. The ratio has been traditionally defined

as:

p = tan( V,)eA, (I)

where the values of tan(M,) and A are the amplitude and phase of the complex ratio.
Results of the SE measurements are expressed as N,(hvi, (bi) and A(hvi, 4j) where

Mat. Res. Soc. Syrup. Proc. Vol, 242. 1992 Materials Research Society
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hv is the photon energy and (D is the external angle of incidence. The ability of
measuring the phase changes A(hvi, (Dj) in particular gives the ellipsometer great
sensitivity to the structural and surface changes of the samples [4].

The pseudodielectric function <E> can be obtained from the ellipsometrically
measured values of p, based on a two-phase model (ambient/substrate) [5]:

ý( 1 + P'• ]

regardless of the possible presence of surface overlayers. The Ea in Eq.(2) represents

the ambient dielectric function (i.e., Fa=l in vacuum).
If the sample contains multiple layers, the SE data must be numerically fitted.

A model is assumed, and tan4,C(hvi, 4bi) and cosAC(hvi, (j) are calculated as in Eq.
(1) for comparison with the measured values. A regression analysis is used to vary
a.he model parameters (e.g., layer thickness or dielectric function) until the
calculated and measured values match as closely as possible. This is done by
minimizing the mean square error (MSE) function, defined as:

MSE = 1 1X{(tan V(hv,,'Od - tan Vc(Jzv,,cZ,)]2 + [cos A(liv, (P,) - cos S (h v, 01) 12 ý 3

The dielectric response of a solid crystal can be quantum mechanically
expressed as a superposition of a set of harmonic oscillators [6-81. In this stud,, we
found that a six-oscillator model could satisfactorily fit our SE data. therefore, the

dielectric function can be written as

e(E)=+YAk(4)
( A ~,E+Ek+iFk E-Ek+ifl-

A detailod discussion of our SE data analysis using this HOA will be presented in a

later sectinn of this paper.

EXPERIMENTAL

AlAs of -5000 A nominal thickness was grown, by MBE with a Varian Modular
Gen II, on semi-insulating GaAs (100) substrate, and covered by a -20 A GaAs layer.

GaAs substrate temperature was determined as -680 'C, by using an IRCCN optical
pyrometer, and the growth rate was one micron per hour. After finishing the MBE
growth, the sample was allowed to cool down to -21) 'C, and then exposed to arsenic
pressure at 1.24x10- 5 torr for 94 minutes. Thus the top GaAs thin layer was
passivated by arsenic capping to prevent oxidation.

The sample was installed, after growth, into a UItV chamber, to which a
rotating-polarizer spectroscopic ellipsometer was attached. SE measurements were
performed through a pail of low-strain fused-quartz windows to minimize the

measuring error. This optical system has been described in detail in reference 8.
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The sample was heated on a resistor-heater plate, inside the UHV chamber, to

-350 'C. The arsenic cap was desorbed at this temperature, and the surface of the top

GaAs layer was monitored by an in situ SE measurement near the E2 energy. An
unoxidized, clean top GaAs surface was obtained when the monitored <E2> value

reached its maxium [8-11]. Temperatures were controlled and measured by a

calibrated k-type thermocouple. The typical base pressure of the UHV was -1-2x10-9
torr and all SE measurements were made without arsenic overpressure.

MEASUREMENTS AND ANALYSIS

Dielectric functions

SE data, measured at RT, from the unoxidized sample surface, were used to

determine the layer thicknesses of AlAs and GaAs cap. Peak positions of the
dielectric function E of RT AlAs, which was calculated from our model with
different layer thicknesses, were compared with RT dielectric function data from ref.
3. It was found that the actual thicknesses of AlAs and GaAs cap were 5000 A ± 50 A
and 23 A ± 2 A, respectively, by aligning the major peak positions of C, and E2 with

those from ref. 3 data and the known critical-point positions. Those actual
thicknesses are in good agreement with the nominal values. In general, our RT

dielectric function data of AlAs are comparable with the data in ref. 3, except our C,
peak value in the near E2 region is slightly lower (E2 =-28) than that in ref. 3 (c,)

-30). This is because the peak value of C2 in ref. 3 was an assumed value used to
determine the surface oxide thickness, while ours was the result from direct
measurement of an unoxidized surface.

Dielectric functions of AlAs were obtained by mathematically removing the
effects of the GaAs cap and substrate, assuming a four-phase model (ambient/GaAs

cap/AlAs/GaAs substrate) with actual thicknesses. Temperature dependent optical
constants of GaAs, obtained from our previous studies [81, were used in the model.
Dielectric functions c of AlAs, measured from 1.5-5.0 eV, at the temperatures
ranging from RT to 577 'C, are shown in Fig.i. Actual SE measurements were
made at increments of -50 "C. Starting at 500 'C, surface quality was checked by

taking RT SE data each time, after measurements were made it the elevali
temperatures. It was found that after heating above 500 'C, the GaAs cap surface
was slightly roughened. This correlated with a blurred Reflection High Energy

Electron Diffraction (RHEED) pattern associated with a dynamic GaAs surface (i.e.,
arsenic was moving around), seen at -500 'C, in a UHV chamber without arsenic

overpressure. AT -577 'C, the GaAs cap became thinner and the surface was
rougher. This was likely caused by additional congruent evaporation of Ga and As
nt high temperatures between 577-657 'C [9-12]. Roughening could be
approximately modeled as a nondense GaAs layer (i.e., layer containing voids), by
using the Bruggeman effective-medium approximation (EMA) [8,13]. Corrections

were made mathematically to remove the surface roughening effects at 500 and 577
OC.
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FIG. 1 Representative dielectric functions E of AlAs at 23, 100, 200, 300, 400, 500,

and 577 'C. The 500 and 577 curve have been corrected for surface roughening.
The three critical energy positions are marked for RT.

Temperature Dependence of Critical-Point Energies

As shown in Fig. 1, peaks of the dielectric functions of AlAs shift toward lower

energy, as temperature increases, indicating an overall shift of the critical-point
energies at elevated temperatures. HOA was employed to explore the variations of
critical-point energies with temperature. A six-oscillator model, described in Eq.

(4), was used to fit the SE data of AlAs, in the range of 3.2-5.0 eV. Among the six

oscillators, three represented the major optical transitions El, E1 +A1, and E'0 +A' 0 .

One oscillator was used to describe optical transitions between E1 +A1 and F'0+,(t,
and the other two oscillators were employed to include the effects of all transitions

above E'O+A' 0 and o-tside our spectral range.
Fig. 2 shows the results of our HOA fit for the dielectric functions of AlAs at

RT and 400 'C, respectively. All the parameters Ak, Ek and Fk, of each oscillator

were allowed to vary except I'6, to minimize the MSE function through a

regression analysis. The six-oscillator HOA fit was applied to v of AlAs at each

elevated temperature.
The center energies of the three oscillators, representing three particular

optical transitions, correspond to critical points (CP) Et, F1 +A 1 , and E'O+NAO.

Temperature dependent variations of the three critical points are shown in Fig. 3.
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We can see that as temperature increases from RT to -,50() 'C, the F, and E1 +4A,
energies decrease almost -350 meV, while the E'o+A'o energy decreases only -140
meV. The deviations of the (Cl1) energies at 577 'C, we believe, is related with

A

lie at R RI40 an 40

5.0-

4.2

3.8

4.2 El * A

0 100 200 300) 400 500 600
Temperature ('1C)

Fl:G.3 Temperature dependence of CP energies, of AlAs, E~j (solid triangle). E1 +,N1
(asterisk), and [:'(+A'() (hollow, triangle). The solid lines are cu~bic polviynmial fitS
for each CL'energy, from RT to 500( 'C.
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sample surface degradation at that temperature. The three CP energies at RT in Fig.

3 are in good agreement with values in literature 131. The error bars for CP energy
values, ranging from RT to -500 'C, were estimated to be -10 meV.

SUMMARY

We have presented dielectric functions E = c + iEi of AlAs , measured by in
situ SE, as functions of temperature. Variations of CP energies with temperature,
analyzed by HOA, indicates that El, E1 +At, and E'0 +A' 0 energies of AlAs decrease as
temperature increases. From RT to 500 'C, E1 and F1 +A1 energies decrease almost
-350meV.
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AIBSTRACT

Gal' epilayers grown at temperatures ranging from 420 to 500°C had
smooth surfaces and streaky RIHEED patterns. The decomposition of group-rn
sources of TEGa limits the growth rates of GaP at lower substrate
temperatures(<390 'C). The growth rate of GaP epitaxlal layers was
efficiently enhanced lty N2 -laser irradiation at lower substrate
temperatures.

I NTRODITT; )

Gal lium phosphide (Gall) is widely used for light-emitting diodes
(l.lls). The performance of LEDs, however, is limited by Its indirect-gap
structure, though suitable recombination centers for light emission are
utilized. For further Improvement in GaP light-emitting devices.
hetcroes lruetures consisting of GaP/AlP or GaP/GaN have received considerable
interest. Metalorzanic molecular beam epltaxy (1O1MBE) promises to be an
attractive technique for Ill-V semiconductors, especially for P-based Ill-
Vs, owing to its excellent controllability of high vapor-pressure group
V sources.

In MlO0IRE without cracking group III metalorganlcs, the decomposition of
metalorganics takes place just on a heated substrate. Stagnant layers which
govern growth processes in organometallic vapor phase epitaxy (O'VIE) are
not formed. Thus, reactions among sources in gas phase are completely
removed. Furthermore, the decomposition reaction of metalorganics at the
growth surface brings crystal growth governed by surface reactions.
Selective epitaxy by modulating the reaction with insulator-masking and/or
electron/photon irradiation will be praet'cally achievable in MO1BE. These
advantages of MOIIBE, however, have been investigated mainly in the epitaxy
of As-based rn-V semiconductors (1,21. Recently, a reduction of carbon in
GaAs epilayers 131 and the growth of GaAs epilayers with fine patterns [41
were demonstrated in 0M1'BE with Ar* laser irradiation.

In this paper, we describe the homoepitaxial growth of GaP and the
properties of layers grown at appropriate substrate temperatures. The
decomposition of group-rn1 sources such as triethylgallium (TEGa) is
insufficient at lower substrate temperatures. To obtain an abrupt
heterolunction with a smooth interface, a reduction of growth temperature
is required. Here, we report an enhancement of GaP growth rate at lower
substrate temperatures by ultraviolet-light irradiation emitted from a N2
laser (337nm).

Gal' EPITAXY IN )IO'1BE

The MOMBE system is described elsewhere 151. Tr!ethylgallium (TEGa) and
PIlli were used in our MOMBE system. The temperature of TEGa was kept constant
in a thermostat. The flow rates of TEGa (FTF.Ga) were precisely controlled
between 0.015 and 0.100 SCC'1 by a mass-flow controller without 112 as a
carrier gas. Pl113 with a flow rate (Fpl1,3) from 0.06 to 1.0 SCCM was

Mat. Res. Soc. Symp. Proc. Vol- 242. 1992 Materials Research Society
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precracked in a thermal
cracking cell. In the cell,
the cracking efficiency Is
estimated to be 58 % from the
reduction rate in the peak 2 3 I 3 3
intensity of 34 awu (P11 3 ) in 05 - __-- 0
mass ;pect rum detected by a -0 -----0----irradiated
quadrupole mass analyzer. The
pressure of the production • g
chamber during epitaxy was 01 - \
maintained in the order of W '?O9
10-5 Torr. The substrate ' 005
temperature was varied between n
2901 and 500 °C. GaP with the io-rradiated
orientation of (100) or (111) 0 d
was used as a substrate. 0

a 0 01
In our previous report 0

161, it was found that thie
decomposition of metalorganies 14 15 16 17
iimits [he growth rate of P-
based IIl-Vs (InGaP, GaAIP and 1000/Tsub (I/K)
InAIP) at low substrate
temperatures in Mi0.'lOBE. Also
in GaP epitaxy, the
decomposition of TEGa becomes Fig.]. Growth rate of GaP and Its photo-
insufficient with an irradiation effect. FTFGa=0.O 2

0scem and
activation energy of 39 Fpi113 0.20 seem.
kcal/mol below 390'C as shown
in Fig.l. The flow rates of
TEGa and 1i113 were kept at 0.020 and 0.20 seem, respectively. Above 390'C.
the decomposition of TEGa showed a saturation 1imited by the amount of
supplied metalorganics. The quality of typical Gal' epilayers was examined by
reflection high-energy electron diffraction (RIIFEII) observation and X-ray
rocking-curve analysis.

Gal' epilayers grown at temperatures ranging from 420 to 500 'C had
smooth surfaces and streaky RIIEFI) patterns. Figure 2 shows an example of the
surface and the RHEEO pattern. Full width at half maximum (FWIIM) of X-ray

20Ou m <1lO> azimuth

Fig.2. Surface and RIIEED pattern or GaP (100) epllayer wilhout
photo-irradiation. FTEGa=O.O 2

sccm and Fp1i 13 =0.3 seem. Substrate
temperature=420'C.
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rocking curves for the epilayers shows as low as 18-22". The undoped
epilayers exhibited n-type conduction, and the carrier concentration reached
1014 em-3 measured by capacitance-voltage characteristics in a Schottky-
diode structure.

1Ptl0TO-IRRADIATI0N EFFECT IN Gal) EPITAXY

Growth enhancement

At lower substrate
temperatures, the growth rates
of GaP are enhanced with E
ultraviolet-light (337 nm) •05

emitted from a N2  laser(pulse V
operation, repetition rate <20 V

liz). Figure 3 shows a z
thickness profile measured by
i)ekTak 3030 for the epilayer • 0
with photo-irradiation. As
shown in Fig. l, the growth 0
rate of Gai' reaches 0.4 g m/h DISTANCE (mm)

with photo-irradiation, which
is limited by the supply of
metalorganics. The flow rate
of TEGa and P113  was Fig.3. Thickness profile of selectively
maintained at 0.020 and 0.20 grown Gap.
SCCM. respectively.

The growth enhancement
increases with the irraoiated
photon number below -IxI01

7

photons/cm
2
pulse (Fig. 4).

Above the photon number, the
enhancement is saturated at
0.8 um/h for FTEGa=O.050

seem. The repetition rate of IFTEGa<Osccm
the N2  laser was 711z. In
Fig.4, the saturated value of 0
the growth rate becomes
smaller (0.4 gm/h) in the
case Of ITEWa0.O2Osecm.

Photochemical effect
001

In OtVPE growth of GaP an

i7g, the Irradiation by an
intense ArF excimer laser with . ...
a power density of 0.11 J/cm2  1016 1017 1018
(repetition rate: 50 Hz) IRRADIATION INTENSITY (photons/cm 2pulse)
enhanced the growth rate. It
is noted that the substrate
temperature showed an Increase Fig.4. Growth enhancement by photo-
of 380 'C by the irradiation Irradiation as a function of irradiated
181. Based on the photon number. FpI13/FTEGaýl0, Substrate
calculation for one- temperature=350C. Repetition rate of N2
dimensional heat conduction as laserý711z.
In ref.[81, a transient
increase In the subsLatc
temperature in our experiment
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Is 30 'C at most. Also, Gall
was deposited even at 200 *C
as shown in Flg.5 with the 350 250 200 Tsu (-C)
same value of the growth 5

enhancement at 350 °C.
Thereby, the enhancement of
the growth rate by the N2 -
laser irradiation is believed
to be due to photochemical T
reactions. Since TEGa shows 005
no absorption for longer 0
wavelengths than 310 nm l1l. oD
TFGa has essentially no
absorption in gas phase for N2  0 I 1
laser. Adsorbed Ga 15 16 17 18 19 20 21 22
metalorganics on a growing 1000/Tsub (OIK)

surface may absorb the UV-
I ight , which brings the growth
enhancement. Fig.5. Growth enhancement by photo-

irradiation as a function of suhstrate

Efficiency of photo-enhancement temperature.
FTEGa=O.O

2
Osccm and FP;13=0.20 seem.

In the optimum case Repetition rate of N2 laser=7ttz, laaser

until now, the growth intenslty= lxlO1
7 photons/cm

2 pulse.

enhancement of 0.8 )um/h was
obtained by the irradiation
with lxlO1 7 

photons/cm
2
pulse

and 1 lIz. The number of Ga atoms deposited on a growing surface is
calculated to be 5.4x10

1 4 
atoms/cm

2
s from the increased growth rate. If the

photo-enhancement efficiency is defined as the ratio of the number of
deposited Ga atoms to the irradiating photon number per unit area per unit
time. the efficiency is estimated to he around 5xl0-,. We also observed an
increase in the growth rate of GaP (0.06 jum/h) by Ar*-laser (488nm, 5W/cm2

,
CW operation) irradiation. The photo-enhancement efficiency in this case is
estimated to be 3xlO-

6
. In M0OFIBE growth of GaAs using TEGa and Asl 3  il0l,

the growth rate shows an Increase of 0.4 jim/h as a result of Irradiation
by an Ar* laser (515 am, CW operation, - 80mW/cm

2
). Here, the photo-

enhancement efficiency Is also estimated to be in the order of 10-6. The
efficiency by N2 -laser irradiation Is roughly three orders of magnitude
larger than by Ar+-iaser irradiation. Hence, the efficiency of the photo-
enhancement appears to be affected by the wavelength of irradiating light
and/or scheme of photo-irradiation (pulse or CW).

To clarify the reason of efficient photo-enhancement, the wavelength
of irradiation light was changed. When the pulsed light (365 nm) emitted
from a dye laser (2 Hz, - 6xlO 16 photons./cm

2
.pulse) was Irradiated on the

growing surface with a substrate temperature of 350 °C (FTEGa=O.050 SCCM,
FpII3=0.5 SCCM), no appreciable enhancement In the growth rate of GaP was
observed after 1 hour. Under the same growth condition with N2 -iaser
irradiation (337 nm, 1.5 Iz. 6x1O

16 
photons/em

2
-pulse), a growth enhancement

of 1.0 g m/h was achieved. [fence, the efficiency of the photo-enhancement
seems affected by the wavelength of Irradiated light based on the
preliminary result.

CONCIUS IONS

Gal) epilayers grown at temperatures ranging 420-500'C had smooth
surfaces anrd streaky RHEED patterns. The undoped epilayers exhibited n-type
eondition, and tie carrier concentration reached 1014 cm-

3
measured by the
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capacitance-voltage characteristics of a Schottky-diode structure.
The growth rate of GaP was enhanced by ultraviolet-light irradiation

emitted from a N2 laser. The growth rate reached the value limited by the
supplly of metalorganics. The photo-enhancement efficiency is estimated to
he 5xl0<3. which is roughly the three orders of magnitude larger compared
with Ar*-Iaser irradiation. The enhancement is thoiught to be due to
photochemical reaction on a growing surface.
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ABSTRACT

Silicon carbide semiconductor technology has been advancing rapidly over
the last several years. Advances have been made in boule growth, thin film
growth, and device fabrication. This paper will review reasons for the renewed
interest in SiC, and will review recent developments in both crystal growth and
device fabrication.

INTRODUCTION

Interest in SiC as a semiconductor dates back more than thirty years. 1-3

Then, as now, SiC was recognized as having great potential for applications
involving high temperature, high radiation, and high frequency. The use of 6H-
SiC to fabricate blue light-emitting diodes (LEDs) was also recognized early
on. More recently, the potential for high power applications has been receiving
more attention. Over the last several decades, the lack of suitable crystal
growth processes has hindered its development. The situation has changed over
the last few years. Advances in both boule and thin film SiC growth have
accelerated the development of this unique semiconductor. For example, high-
quality polished 6H-SiC wafers, 25 mm in diameter, are now commercially
available. Chemical vapor deposition (CVD) is used to produce multi-layer n-
and p-type 6H-SiC device structures. Other new device processes have also
contributed to the development of excellent devices. Many of these developments
are reviewed in the Proceedings of recent conferences and several excellent
review articles.6

,
7  In this paper, we will discuss SiC properties, crystal

growth, and device fabrication with emphasis on developments not covered in
previous reviews.

PROPERTIES AND APPLICATIONS

Silicon carbide exhibits a form of one-dimensional polymorphism called
polytypism. 6' 8 Because of its importance in SiC technology, this structural
feature will be described first. The many polytypes of SiC differ from one
another only in the stacking sequence of double layers of Si and C atoms. Each
successive double layer is stacked on the previous double layer in a close-
packed arrangement that allows only three possible relative positions for the
double layers. These positions are normally labeled A, B, and C. Depending on
the stacking sequence, various structures (i.e. cubic, hexagonal, or
rhombohedral) are produced. In the hexagonal frame of reference, the stacking
sequence is in the [0001] direction (the c-axis), and the (0001) plane is
referred to as the basal plane.

The two most common SiC polytypes are 3C-SiC with the sequence ABC ... (or
ACB.. .) and 6H-SiC with the stacking sequence ABCACB... The 3C polytype, also
known as B-SiC, is the only polytype with a cubic structure. All of the others
are known as a-SiC; 6H is the most common and has a hexagonal structure. The
number-letter designation of the polytypes denotes the number of double layers
in a polytype repeat sequence and the structure of the polytype, respectively.
Because of the polar nature of SiC bonds at the basal plane, the (0001)
surfaces of 6H and the (111) surfaces of 3C are terminated with either Si atoms

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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(a Si face), or C atoms (a C face). In discussions that follow, the tilt angle
of a vicinal (0001) SiC surface is the angle between the actual surface and the
(0001) plane.

Properties

An appreciation of the potential of SiC can be gained by examining Table
I, which is a comparison of its properties with those of diamond and GaP (two
other contenders for high temperature applications) and with those of the two
most common commercially available semiconductors, Si and GaAs. In the SiC
column of the table, if a property of 6H differs from 3C, it is listed within
parentheses. The maximum operating temperature was calculated relative to that
of Si by assuming a maximum for Si of 300'C and multiplying this temperature
(expressed in K) by the ratio of bandgaps. The maximum for diamond is imposed
by a phase change.

Silicon carbide does not melt at any reasonable pressure, but does
sublime at temperatures greater than 1800'C. Below 15000C, its physical
stability is excellent and its stability in an oxidizing atmosphere gives it
an edge over diamond. We believe that long term stability at high temperatures
will be a problem with the more common III-V compounds, such as GaAs and GaP.
Thus, SiC has a significant advantage where long-term reliable operation at
elevated temperatures is a requirement.

Table I. Comparison of Semiconductors
& Gas Gap sic Diamn

Property SsGaAC I Diamond

Bandgap (eV) 1.1 1.4 2.3 2 12 5.5at .300 K (2.9) 1

Maximum operating 300 460 925 873
temperature ('C) 300 (1240) !100(1

Sublimes Phase
Melting point (*C) 1420 1238 1470 > 1800 change

Physical stability Good Fair Fair Excellent Very good

Electron mobility 1000
R.T., cm

2 /V-s 1400 8500 350 (600) 2200

Hole mobility
R.T., cm

2
/V-s 600 400 100 40 1600

Breakdown voltage
Eb, 106 V/cm . - 4 10

Thermal conductivit 1.5 .5 .8 5 20
aY,. W/cm-*C

Sat. elec. drift vel.
v(sat), 107 cm/s 1 2 - 2,5 2.7

Dielectric const., K 11.8 12.8 11.1 9.7 5.5

Relative Zj 1 7 - 1100 8100

Relative Z K 1 5 - 6 32

Johnson: Z < E2 v2(sat) Keyes: ZKC>< a-v(sat)/K] 1/2
i C> b (st KO jst/]
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The room temperature electron and hole mobility of SiC at low electric
fields does not compare as favorably as the other properties but is acceptable
for most applications. For high temperature power applications, the advantages
of SiC and diamond are the result of their much higher values of breakdown
voltage and thermal conductivity.

Silicon carbide (and diamond) also have great potential for high
frequency devices. Two figures of merit for semiconductors for high frequency
operation are the Johnson (ZJ) 9 and Keyes (Zd).1° Relative values (to that of Si)
for these quantities are shown in Table I and illustrate the high potential of
SiC and diamond.

Applications

Initial commercial SiC devices have been blue LEDs."1 Mass production of
these products has brought prices down to moderate levels. High voltage diodes
for operation up to 350*C are also available, and other devices are under
development.

We expect that there will be important applications for SiC devices in
the aerospace industry. Sensors, control electronics, and power electronics
that can operate at temperatures up to 600'C, and beyond, are required. For
example, in advanced turbine engines, many actuators for mechanical components
will be required throughout the engine. Using electric actuators instead of
traditional hydraulic or pneumatic actuators has many advantages; however,
electric actuators will require sensors and power electronics in ambient
temperatures up to 6000C. Another example is power electronics for space power
systems. For reduced weight, it is highly desirable that the power electronics
operate at elevated temperatures, and sometimes also in a high radiation
environment.

Component reliability is a key issue in all applications, and in
par+icular for aerospace applications. Failure can lead to expensive, and
possibly tragic, consequences. Because of its chemical stability and ceramic-
like character, we believe that the potential reliability of semiconductor
devices and sensors fabricated from SiC will be much higher than that
obtainable from any other semiconductor material. This reiiability advantage
should hold for all operating temperatures.

Other applications for SiC include: electronics for deep well drilling
operations, microwave power devices for radar systems, sensors for the nuclear
power industry, automobiles, etc.

CRYSTAL GROWTH

Since SiC does not melt at .asonable pressures, most bulk crystal growth
approaches have involved the sublimation of polycrystalline SiC. Until
recently, nearly all SiC semiconductor research was carried out using small
irregular a-SiC crystals that were sublimation grown by either the industrial
Acheson process,1 2 or the Lely process.1 3 Examples of Lely crystals are shown
in Fig. 1. These crystals were not only small, but they frequently contained
heterojunctions due to a multiple polytype structure. They were not suitable
substrates for commercial device production. Because of this lack of suitable
substrates, interest in SiC waned in the ]970s. During the last decade,
progress in both bulk and thin film growth processes have revived the prospects
for SiC semiconductor technology.

Boule Growth

The growth of bulk SiC single crystals is a key element of the rapidly
developing SiC semiconductor technology. Tairov and Tsvetkov14'15 established the
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basic principles of a "modified sublimation" bulk growth process in the late
1970s. Aithough other research groups were somewhat slow in adopting this
process, it is now being developed by many labs throughout the world.16-19

The basic elements of the modified sublimation process are shuwn in Fi•.
2, which is a schematic diagram of the configuration used by Zieg]er et al. '•
Nucleatior takes place on a SiC seed crystal located at one end of a
cylindrical cavity. A temperature gradient is established within the cavity
such that the polycrystalline SiC is at approximately 2400°C and the seed
crystal is at approximately 2200°C. At these temperatures and at redured
pressure (Ar at 200 Pa), SiC sublimes from the source SiC and condenses on the
seed crystal. Growth rates of a few mm/h can be achieved. In some boule growth
systems, the seed crystal is at the top of the cavity and growth proceeds
downward. This eliminates some problems of contamination of the growing boule.

The modified sublimation process has been used to grow both 4H and 6H
boules. VZ'TQIts successful application to the 3C polytype has not been reported.
Techniques for cutting and polishing wafers have been developed and at least
one company• is now marketing 25-mm-diameter polished 6H-SiC wafers; wafer
diameters up to 44 mm have been achleved.

Thin Film Growth on Non-SiC Substrates

Because of the lack of high-quality SiC substrates for •,•any years,
efforts were made to grow SiC thin films on non-SiC <ubstrates that might be



499

suitable for commercial device fabrication. Early in the 1980s, large-area
single-crystal 3C-SiC was achieved on (001) Si subztrates.20 , 21 This created
renewed interest in SiC and many research groups began pursuing this growth
approach. Unfortunately, the 3C films grown on Si had a high defect density,
which included stack-ng faults, microtwins, and a defect known as inversion
domain boundaries (IDBs), also known as antiphase toundaries (APBs). 22 These
defects may be caused b) the 20% lattice mismatch between the Si and SiC, or
perhaps by the nucleation process. Further work demonstrated that the IDBs
could be eliminated bA using vicinal (001) Si substrates with tilt angles in
the range 0.50 to 40.'24 But, this did not eliminate the stacking faults and
other defects; hence, devices fabricated from these 3C films have not achieved
satisfactory performance.

In order to eliminate the problems caused by a large lattice mismatch,
TiC. (less than 1% mismatch) substrates were investigated. Somewhat improved
growth was reported, but great difficulties in producing defect-free single-
crystal TiC. has hindered its use as a substrate for SiC growth.

The remainder of this paper will describe only results achieved using SiC
substrates.

Thin Film Growth on 6H-SiC Substrates

Early SiC CVD processes, usinqg Acheson or Lely crystals, typically
required temperatures above 1550C. 2 5  This growth was carried out on the
(0001) SiC basal plane, either the Si face or C face. In 1973, it was found
that 6H-SiC could be grov,n on 6H-SiC in the temperature range 1320-13900C when
the growth direction was perpendicular to the [0001] direction.29 The
significance of this "90 0-off-axis" was not appreciated until much later.
Recently, (1) 3C-SiC films were achieved on the basal planes of 6H-SiC in the
range 1350-15500C, 30 35 and (2) 6H-SiC films were achieved on "off-axis" 6H-SiC
substrates that were oriented several degrees off the basal plane. 3 1 33

.36,37 All
of the above growth results were achieved on Acheson or Lely crystals. More
recently, high quality 6H-SiC films were also grown on "off-axis" 6H-SiC wafers
that were produced from sublimation-grown boules. 3a

Epitaxial Growth Models

To explain the success of the 6H CVD at lower temperatures using "off-
axis" 6H-SiC substrates, a model was suggested32' 33 whereby the density of
atomic-scale steps on a vicinal (0001) 6H substrate determines the polytype of
the grown film. Refer to Fig. 3, a schematic cross-sectional view of a vicinal
(0001) SiC crystal. The step density increases and the width of terraces

slGrowth step pl

Growth direction

T i Ist onqgie

Fig. 3. Vicinal (0001) a-SiC substrate showing surface growth steps.
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between steps decreases as the tilt angle of the growth surface increases.
According to the model, at tilt angles greater than 1.50, arriving Si and C
atoms can easily migrate to steps where lateral growth occurs parallel to the
basal plane. In this case, grown films assume the ABCACB... stdcking sequence
of the 6H substrate. However, at smaller tilt angles (i.e. < 1.50), terraces are
larger and migration of Si and C atoms to the steps is less likely. Instead,
nucleation of 3C occurs on the terraces. Depending on which terrace is the site
of nucleation, either the ABC... or the ACB... stacking sequence of the 3C
polytype can occur. Coalescence of islands of both sequences create the double
positioning boundaries (DPBs) that are commonly seen in 3C films grown on 6H
substrates. Also according to the model, 6H films are achieved on the as-grown
faces of Lely 6H crystals (very low tilt angles) at 18O0°C because surface
migration is more active and the Si and C atoms reach the growth steps.

Recent results at NASA Lewis demonstrate that the above model 32'3 is not
sufficient to explain the control of polytype in the CVD growth on low-tilt-
angle vicinal (0001) 6H-SiC substrates. In these results,39 6H films were grown
on vicinal (0001) 6H substrates with tilt angles as small as 0.10. In addition,
3C growth was intentionally produced on the low-tilt-angle substrates by
introducing dislocations in the substrates with a diamond scribe. The 3C growth
proceeded laterally from the point of intentional nucleation in a direction
perpendicular to the growth steps. An essential part of this new result was a
pregrowth etch that eliminated all sites of unwanted 3C nucleation. A new
growth model 39 that explains the growth of SiC polytypes on vicinal (0001) SiC
substrates is as follows. At moderate CVD growth temperatures (1300 to 15000C),
Si and C atoms can migrate to surface steps where lateral growth occurs even
at tilt angles as small as 0.1'. In this case, the film will be the same
polytype as The substrate. If there are defect sites on the surface (e.g.
dislocations, contamination, etc.), then 3C will nucleate at these sites
because 3C is the more stable polytype at these lower temperatures. Evidently,
atomic steps play the dominant role in controlling polytype formation at larger
tilt angles (e.g. > 1.SV), and defects are dominant at smaller angles.

Thin Film Growth on Low-Tilt-Angle Vicinal (0001) 6H-SiC Wafers

Based on the new growth model 39 described in the previous section, 3C
films with significantly reduced defect density have been grown on 6H
substrates. The following is a summary of this process. Vicinal (0001) 6H
substrates, with tilt angles in the range 0.I to 0.50, were cut from commercial
wafers." The surface of the substrates were divided into 1-mm-square mesas with
a dicing saw as shown in Fig. 4. The tilt direction was along a diagonal with
highest atomic plane at the upper right of each mesa.

42 MW

"--" Fig. 4. 6H-SiC substrate
Ilk (0.50 tilt angle) with 1-mm-

square mesas. Dark regions
are 3C films; light regions
are 6H films.

- -7
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Prior to growth, the 6H substrates were subjected to an HCI\H2 gaseous
etch at 1375 0C for 25 min to remove unwanted 3C nucleation sites. The substrates
were then removed from the growth chamber and exposed a non-clean laboratory
cnvironment. They were then returned to the growth chamber. The SiC films were
grown at atmospheric pressure using silane and propane as the sources of Si and
C, respectively. The resulting 8-Am-thick film, shown in Fig. 4, was oxidized
to distinguish the 3C and 6H regions. Differences in oxidation rates produce
contrasting interference colors between 3C and 6H.

A SiC film grew uniformly in thickness on each mesa. Initial growth was
mostly 6H. It is presumed that this growth was due to lateral growth from
atomic steps on the surface. In many of the mesas, 3C nucleated on the highest
atomic plane (upper right in Fig. 4) and then grew laterally over the mesa from
3C steps generated at this point. In this case, the extent of lateral growth
was consistent with the amount of vertical growth (8 Asm) and the tilt angle of
0.50. Most of the 3C regions were free of DPBs and had a reduced density of
stacking faults compared to previous 3C growth on 6H. As yet, we don't fully
understand the 3C nucleation process, but believe that contamination plays a
role in this case.

It is hoped that this process will be the basis for producing useful 3C
devices.

DEVICE FABRICATION TECHNOLOGY

Much of the technology required to produce working electronic circuits
in SiC is directly importable from well-developed silicon processing
technologies. Hence, the jump to higher levels of integration should not be
exceedingly difficult after individual SiC devices are mastered. Standard
techniques for photolithographic pattern definition and material (dielectrics,
metals, etc,) deposition are directly applicable to the fabrication of SiC
device structures. Doping of 3C and 6H epilayers to achieve n- and p-type
material can be controlled during epitaxial growth, so a variety of device
structures can be produced in a relatively straightforward manner.

Patterned doping of SiC can be accomplished through ion implantation, but
this is usually carried out at elevated substrate temperatures to achieve
proper dopant activation. '1 Diffusion of dopants into SiC is not practical as
diffusion coefficients are negligible at temperatures below 1800'C; however,
this property is actually an advantage during high-temperature operation
because dopants will not redistribute.

The inherent mechanical strength of SiC helps prevent wafer breakage
during processing, but its chemical inertness precludes the use of conventional
wet etching at room temperature. Satisfa tory etching of SiC is accomplished
primarily by reactive ion etching (RIE).

BASIC SiC DEVICE STUDIES

6H-SiC appears to be the most attractive polytype for developing useful
electronic circuits at this time, but this is simply because current crystal
growth techniques produce substantially higher quality 6H material than other
SiC pov5ytypes. With unintentional background carrier concentrations in the
mid-i1' cm3 range being grown,43 the quality of epitaxial 6H-SiC is sufficient
to permit fabrication of discrete devices and small integrated circuits.

A variety of junctions are the fundamental building blocks of any
semiconductor technology, especially as it pertains to transistor performance.
JFET's (Junction Field Effect Transistors) and BJT's (Bipolar Junction
Transistors) rely on p-type to n-type junctions (i.e., pn junctions); MESFET's
(Metal Semiconductor Field Effect Transistors) rely on rectifying
metal-semiconductor junctions (i.e., Schottky junctions); MOSFET's rely on
insulator-semiconductor junctions, and all of these devices require ohmic
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contact junctions. It follows that the ultimate performance capabilities of
these transistors are largely dependent on the ability to form junctions with
desirable characteristics. Although research into the optimization of SiC
junction qualities is far from mature, a variety of early experimental 6H-SiC
devices have produced some tantalizing results.
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Fig. 5. IV characteristics of 6H-SiC pn junction diode tested at room
temperature.

In the case of the pn junction, low leakage currents and high reverse
breakdown voltages are desirable in most applications. Figure 5 shows the
room-temperature current vs. voltage (I-V) characteristic of a pn junction
diode fabricated in epitaxially grown 6H SiC.44 The Vbrepkdon > 1000 V at the
doping level of 2 x 1016 cm3  for the diode n-region demonstrates the
significantly higher breakdown field enjoyed by 6H-SiC over Si and GaAs (Table
I). This 10-fold increase in field strength for SiC theoretically translates
into considerable improvements in the characteristics and operating regime of
many power semiconductor devices.' 5 General semiconductor device physics
suggests that the large bandgap (small intrinsic carrier concentration) of SiC
should lead to greatly reduced pn junction leakage currents. Gardner et al.' 6

have reported 6H-SiC pn junction leakages which are orders of magnitude smaller
than leakages reported in similar GaAs structures.

Besides the inherent material properties outlined previously, perhaps one
of silicon carbide's biggest assets is its ability to thermally grow a
passivating native oxide just like silicon. When SiC is thermally oxidized it
produces SiO, the same insulator that is produced when pure silicon is
thermally oxidized. The importance of this SiC property should not be
underestimated as the majority of all integrated circuits (IC's) are based on
the Si-SiO2 MOSFET (Metal Oxide Semiconductor Field Effect Transistor) -- a
device which relies on thermally grown silicon dioxide. Unfortunately the SiC
MOS devices reported to date suffer from the same major problem that faced
silicon MOS devices in the 1960's: interface states. Dangling bonds and surface
disorder at the semiconductor-insulator boundary give rise to electrically
active defect states. These defect states hinder the ability of the MOSFET to
carry current (because of decreased channel carrier mobilities), and cause
charge trapping that results in undesirable threshold voltage instability. It
should be noted that these interface states also play a role in the
characteristics of SiC pn junctions, as Gardner et al .' witnessed a substantial
change in reverse leakage as a function of sidewall oxide quality.

Early experiments have suggested that SiC devices are inherently more
radiation tolerant than comparable silicon devices,' 7 but wider ranging
radiation tolerance studies are currently being undertaken.
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Fig. 6. Drain IV characteristics of an iversion-mode 6H-SiC MOSFET tested at
6500C. (Courtesy of Cree Research Inc.)

SiC TRANSISTORS: CURRENT PERFORMANCE ISSUES

Experimental JFET's, MOSFET's (Fig. 6), MESFET's, and BJT's have been
fabricated in single crystal 6H-SiC, and basic operation of these devices at
temperatures as high as 650%C has been demonstrated.' 8 No other semiconductor
material has shown transistor operation at this temperature. However, these
devices exhibit several significant shortcomings which pont out fundamental
challenges that remain to be solved if SiC is to emerge as a truly superior
semiconductor for high-temperature, high-radiation, and/or high-power
applications.

At 6500C, the operational lifetime of these SiC transistors is typically
less than k hour. This limitation is strictly due to failure of non-optimized
ohmic contact metallizations, and it is not due to any limitations of the SiC
semiconductor itself. Reliable contacts to SiC have been demonstrated for 350'C
operation, but a crucial area of continued research is to develop ohmic
contacts that will remain stable at temperatures approaching 6000C and beyond.
The progress that is made in obtaining reliable high-temperature contacts will
largely dictate the operational temperature ceiling of SiC electronics. Work
is also prolressing on reducing parasitic contact resistances (currently above
10 " ohm-cm ), which could limit the current carrying capability of SiC
transistors.

The overall performance of many SiC transistors reported to date
(particularly MOSFET's) is also hindered by the non-optimal quality of the
SiC-SiO interface discussed previously. If one draws upon the historical
parallei with silicon MOS technology, it stands to reason that the performance
of SiC MOSFET's should improve substantially when interface state densities are
reduced from their current levels of 101-3 cm"2 to the 1010 cm2 densities found
in modern silicon MOSFET's. Substantial progress towards this end has been made
very recently, as Brown et. al.4 9 reported the first SiC-Si0 2 MOS capacitors
with interface state densities of less than 5 x 1010 cm"2 .

SiC PROSPECTS

Tremendous strides have been made in the development of SiC as a
semiconductor for high-temperature, high-radiation, and/or high-power
electronic applications. However, some crucial issues remain to be solved
before the true performance potential of SiC electronics can be realized. Since
wafer size, defect density, and background carrier concentration strongly
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influence the scale, yield, and capability of semiconductor circuits and
devices, advancements in bulk and epilayer crystal growth will continue to
profoundly impact the development of SiC electronics. Clearly, improvements
need to be made in the areas of contact metallization and SiC-SiO2 MOS
properties. It is the authors' opinion that the resolution of these key issues
and subsequent development of SiC into integrated electronics will be
substantially accelerated by the vast knowledge base that has been accumulated
in silicon IC technology.
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ABSTRACT

Both SiC and ZnS exist in the cubic diamond-like (zinc blende)
structure. A polytype is derived from the cubic stacking of atomic
double layers by having a regularly repeated pattern of stacking faults.
Dozens of such polytypes are known for SiC and ZnS.

A study with several co-workers has been completed into the origin
of this phenomenon. Are the polytypes genuine stable phases frozen in
from some higher equilibrium temperature? Or are they inherently
metastable structures born of some growth mechanism?

Quantum mechanical calculations have shown that SiC polytypes
formed from bands of 2 and 3 cubically stacked layers have a lower
energy than other structures, in particular lower than the cubic or
wurtzite structures. That already suggests that the polytypes can be
•table phases. Further calculations of the phonon free energy and
relaxation of the bond lengths rounds out the phase diagram. In this
connection it is somewhat surprising that the material normally grows
initially in the metastable cubic modification, transforming subsequently
to a mixture of polytypes, but the calculations also suggest why this is so.

The answers for ZnS turn out to be different from those for SiC.

1. INTRODUCTION

The purpose of this review is to summarise the results of a lengthy
research project by several people [1-231 concerning the origin of
polytypes in silicon carbide and to a lesser extent zinc sulphide. It will
be assumed that this audience will know what is meant by polytypes
and the common notation for them, but a description may be found in
several of the main references 17, 11, 121. Rather fuller reviews than the
present one are contained in references [13, 16, 18, 211: more extensive
references will be found there and in the original research articles.

The basic issue is whether polytypes can be regarded as equilibrium
structures, i.e. as stable phases at some (presumably) high temperature T
from which they have been quenched. In the following we shall confine
our remarks to SiC, returning to ZnS in section 5. The structural
transformation of SiC is so slow at all but the highest temperatures that
no proper phase diagram exists 124, 25 and further references therel.
The alternative view is that all the polytypes except one (presumably

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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the cubic) are only metastable at all T, the result of certain growth
processes. Since the existence of a material implies growth of some kind,
the question of growth kinetics cannot be left out entirely. But the
results of our study are that the cubic (3C) SiC is not the stable phase at
any T below the sublimation point at 2500'C. That incidentally raises
the interesting question of why it forms so commonly, which will be
addressed in section 4. Instead we find that 6H, and probably 4H and
15R, are stable phases at some T, and we suggest a phase diagram
(sections 2.1 and 2.2). We can only make some speculative remarks
about the higher polytypes (section 2.3) but two features may be
susceptible to experimental study. Even if kinetics determine the final
outcome of a growth process, the material must presumably be
reasonably close to being a stable phase for it to form at all at high T. In
section 3 we consider what can be said from our calculations about the
physical basis for polytypes and its relation to other properties such as
magic angle spinning (MAS) nuclear magnetic resonance (NMR).

Our study used ab initio quantum mechanical calculations of the
total energy [6, 7, 9, 121. We first computed the energy differences of
idealised polytypes at T=O with perfect tetrahedral bonding. We then
calculated the relaxations from such idealised structures. To obtain the
free energies at higher T we needed the phonon spectra which were also
derived from such ab initio calculations in the absence of sufficient
experimental information [8, 91.

2. RESULTS ON SiC POLYTYPES

2.1 First approximation: energy at T=O

Our calculated relative energies at T=O of the main SiC polytypes 3C,
6H, 4H and 2H are shown in figure 1, with those for Si and ZnS for
comparison as discussed in sections 3 and 5. We see that 6H and 411
have the lowest energy, equal within the accuracy of our calculations
(-0.5 meV per SiC pair of atoms). The 3C structure has significantly
higher energy (-1.5 meV per SiC pair). The 2H energy is mucl: higher,
consistent with it being formed only under special conditions in the
presence of boron. We first calculated the energies of the idealised
structures with perfect tetrahedral bonding and with bond lengths equal
to that of the cubic structure [6,71. We also calculated the relaxation
energies of the non-cubic polytypes from the idealised form, involving
relaxation of bond angles, bond lengths and lattice constants [121. The
relaxation energies are of order 1 meV and are included in figure 1.

We see already at this level of approximation that one of the
polytypes 4H or 6H is the stable structure at T=O and that both may be
stable at different ranges of T. The same presumably applies also to 15R
and all other polytypes consisting of bands of 2 or 3 cubically stacked
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Figure 1. The relative energies of various polytypes as obtained by
ab initio calculations at T=O for Si, SiC and ZnS.

layers, since these are intermediate structures between 4H and 61]. At
the coarsest level of approximation, this already 'explains' the existence
of polytypes and why they consist of 2-layer and 3-layer bands.

2.2 Second approximation: phonon free energies

The phonon spectra of the various polytypes will be different
because of the difference in structure. This will result in differences in
their phonon free energies, and these differences will vary with
temperature, thus opening up the possibility of phase transitions if the
total free energy difference changes sign. We write the total free energy
difference as

G4al(T) - G6H(T) (E4H - E6H) + (G4H - G6H)phonon. (1)
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where the first bracket on the right is the energy difference at T=O and
the second bracket derives from the phonons including the phonon zero-
point energy.

Evaluating the phonon free energies was a multi-step process. First
a rather complete picture of the phonon spectrum of the cubic structure
was obtained by ab initio calculation of the frequencies and phonon
eigenvectors at several points in the Brillouin zone 191. This spectrum
was analysed in terms of a shell model known to give good results for
other tetrahedrally coordinated semiconductors [81. The shell model in
turn was applied to the various polytypes to give their phonon spectra,
from which the phonon free energies were then computed 110, 111,

The main result is that

(G4H-G6H)phonon (2)

is positive and increasing with T, being of order 0.1 meV per SiC pair at
2100°C. This indicates that 6H will tend to be the stable phase at high T,
as is consistent with most experiments (24. 251. We cannot be more
precise because we do not know the value of the first bracket in (1)

E4H-E6H. (3)

We know it is zero within the accuracy (- 0.5 meV per SiC pair) of the ab
initio calculations of section 2.1, but need to know it more precisely to
construct a phase diagram. Since 4H is the most commonly observed
phase after 3C and 61-, and since according to some authors it is more
prevalent at lower temperatures [24, 251, we consider it reasonable to
suppose that the difference (3) is negative and of magnitude -0.1 meV
per SiC pair. Then the free energy difference (I) goes through zero at To
= 2100'C, with 4H being stable relative to 6H at temperatures below To
and the reverse above To [111. We can begin to construct a phase
diagram as shown in figure 2, but we emphasise that it does depend on
our assumption about the precise value of (3).

T
(deg. C) 6H

polytypes? (n3 > n

0 15R I-
" &&I/- polytypes? (n 2 > n3

4H

Figure 2. Suggested phase diagram for SiC.
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We have also considered the next more complex polytype 15R,
or<23> in the Zhdanov notation. Analysis of the ab initio calculated
energies of five polytypes [71, plus some theoretical considerations 115],
suggest that the energy of 15R is simply a linear interpolation between
the energies of 4H and 6H, apart from the small relaxation energies
which are a bit more complicated but have also been calculated 112).
We can therefore write down E15R - E6H. We have also calculated the
phonon free energy of 15R using the shell model already described, and
therefore have

Gt5R(T)-G6H(T). (4)

If GISR(T) were simply a linear interpolation between G4H(T) and G6tl(T),
then (4) would also be zero at To and one would have a multiphase
degeneracy at To. However, it turns out the phonon part is not a linear
interpolation, in fact it is negative compared with a linear interpolation,
and hence (4) is negative at To. Thus on our phase diagram 15R would
be a stable intermediate phase around To between 4H and 6H as shown
in figure 2. In fact we find it would have a surprisingly wide stability
region which we estimate to be of order 200 degrees, taking into account
both the phonon part [111 and the relaxation effects [121.

There are other temperature effects which we have also considered
I101. In particular one could have thermally activated kinks on the
antiphase boundaries between the 2-layer and 3-layer bands of cubic
stacking, which the polytypes consist of. The entropy of such kinks is
almost certainly responsible for stabilising long period stacking
structures in some metallic alloys at high T 1261. However, the activation
energy in SiC would be far too high for this mechanism to be significant
in our case, nor are such kinks seen in significant numbers on electron
micrographs. We were left with the conclusion that the phonon free
energy is the factor driving phase stability as a function of temperature
[10, 11].

2.3 Speculations about higher polytypes

We cannot make meaningful calculations on polytypes more complex
than 15R. However, we can make some speculations, two of which may
be susceptible of experimental test, based on some general theory which
exists. There exist mathematical models which go through an infinite
sequence of stable polytype phases as one varies a parameter such as
temperature [261. Such an infinite sequence is called a devil's staircase.
Can that help to explain the observation of so many polytypes?

The first comment is rather simple. We are only considering
polytypes (the great majority) consisting of 2-bands and 3-bands, i.e.
bands of 2 or 3 cubically stacked atomic double layers. We can count the
numbers n2 and n3 of 2-bands and 3-bands in one repeat distance.
Presumably polytypes like <2333> will tend to be formed as intermediate
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phases between 15R (<23>) and 6H (<3>) at the higher temperature phase
boundary in figure 2, i.e. those with n3 > n2. Similarly at the lower phase
boundary in figure 2 we expect polytypes with r12 > n3. We wonder
whether careful annealing experiments, with or without stress, may
show up some difference like that with temperature.

The second comment is a bit more complicated. A devil's staircase
arises from long range, repulsive interactions between the antiphase
boundaries between successive bands. Although the devil's staircase has
an infinite sequence of phases, this does not mean that 'anything goes': it
is a very precisely defined sequence. For example in tables of known
polytypes one always finds <232333> but not <233>, although they have
the same ratio of n2 to n3. This is what would be expected from a
phonon free energy mechanism, whereas a relaxation mechanism in the
sense of section 2.1 would tend to give the opposite result 1161. This
suggests phonon free energy is playing a significant role, but of course
there may be another explanation.

Our third comment concerns the possible temperature intervals and
free energy differences. The stability range of 15R between 6H and 4H
turned out in our calculations to be surprisingly large, namely about
2000 (figure 2), though we emphasise that the error bars in this estimate
are of order 100% and that the whole picture depends on our choice for
the energy difference (3). This wide range arises not because the free
energy differences are large but because 411 and 6H are themselves so
similar near To. Similarly if the higher polytypes are stable phases at
the boundaries of 15R with 6H and 4H (figure 2), one may expect
significant stability ranges in temperature. But what of the free energy
differences between such polytypes? These would be tiny, of order 10-6
eV or less per SiC pair of atoms. This is much smaller than kBT. and
people often wonder how it can influence the observed structure. The
point is that it is wrong to compare kBT with the energy differences per
atom. For example in aluminium metal the stacking fault energy per
atom at the fault is less than kBT, but the material has no difficulty
knowing it has to grow in the fcc structure! The point in SiC is that there
are very strong forces in the lateral tetrahedral bonding within one
layer. One therefore never has one atom or pair of atoms being
misoriented: it has to be a large area of layer. One therefore has to
consider the energy to reorient a large area, and compare it with kBT in
the Boltzmann factor. If the area is of order 106 atoms, then even a free
energy difference of 10-6 eV per atom becomes very significant. We
therefore see no difficulty of principle in such small free energy
differences asserting themselves in observed phase equilibria.

Finally we return to the point in section I that we cannot ignore the
actual growth or transformation processes. A mechanism for this has
been considered, particularly by Pirouz 128, 291. It is not clear how free
energy differences can translate into actual atomic forces driving such a
mechanism, but in general terms we suppose that the polytypes would
not grow so significantly unless they were at least nearly equilibrium
structures.
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3. ANALYSIS

So far we have presented our calculations simply in terms of
numerical results. We return to the lowest level of polytype energies in
section 2.1 and now present some analysis and insight derived from
them.

Each successive SiC atomic double layer can be placed in two
orientations (conveniently called , and -) on the layers below to build up
the structure. The cubic structure would be all + or all - layers. We can
analyse the calculated polytype energies in terms of interactions Jn
between two layers n apart. I.e. the layers give an energy contribution -
Jn if they have the same sign or +Jn if opposite sign.

To get unusual structures, even 41i and 61t, requires interactions Jr
that are moderately long ranged up to n=3 and oscillating in their sign.
Where do these come from'? In metals such oscillatory, long range
interactions are standard, the Friedel oscillations. Mott and Jones [271
already pointed out in the 19 30's that in some respects the tetrahedrally
coordinated semiconductors are not so different from metals. The total
band width of the valence band to the centre of the band gap is nearly
that of a free electron gas, and half the vertical band gap (the
appropriate measure) is only a small fraction of tl'e occupied band width.
Our numerical estimates show that the Jn's in SiC are the remnant in the
semiconductor of what would be Friedel oscillations in metals, down in
magnitude by about an order of magnitude due to the semiconducting
character 1151.

Analogous effects with similar range can be seen in other properties
of the semiconductors including SiC 1151. T'hese include phonons (151.
a.tomic relaxations 1121. and electron densities around the antiphase
boundaries between bands as seen in MAS-NMR 119, 201.

We can be more specific. Let us ignore J3 as being quite small. In
both Si and SiC, the JI is positive and J2 negative. I! that sense there is
nothing special about SiC. What is special can be seen from figure 3

• .. + + + + ......-

I I

Figure 3. Antiphase boundary between layers of + and - signs.
Across the boundary there is one pair of nearest neighbour layers
(curved link, above), and two pairs of second neighbours (square
link, below).
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showing a sequence of layers with + and - orientations with an antiphase
boundary in between. The energy of the boundary can be seen to be

Eboun4. = 2(J0+ 2 J2). (5)

The reason for the coefficients can be seen from figure 3: across the
boundary there is one reversed JI interaction kcurved link) and two
reversed J2 interactions (square link). In SiC the magnitudes of Jt and J2
happen to be such that they very nearly cancel in (5) 16, 71. There does
not seem to be any reason why the cancellation should be so good in this
case.

4. THE GROWTH OF CUBIC SiC

We return to the issue already mentioned: if SiC is not the stable
phase at any temperature, then why does it grow so readily? Indeed
there is some evidence that under some conditions producing the 611
polytype, the cubic form crystalises first and then converts fairly quickly
to 61-. Of course crystal growth is a non-equ'librium kinetic process so
that there is no real contradiction with our results in section 2.1.
Neverthelcss, all the polyty,,: structures are so similar that one might
expect crystallisation to give the thermodynamically stable phase at the
temperature of crystallisation.

Some insigh' -an be gained from the analysis of section 3 1171. The
conclusions are tentative because all the calculations so far relate to bulk
structures, not to surfaces. The latter are now planned.

Figure 4 shows a sequence of layers of various signs, terminating
with a + layer at the surface. We are going to consider an extra layer
being added at the surface in the course of crystal growth. It is shown in
brackets in figure 4, and we will consider the energy difference between
adding it with + or - sign. To be precise, let the energy be E0 - Is for
adding the new layer with the same sign as the top layer, and E,, + Is for
adding it with opposite sign. Here En is the average cohesive energy per
layer and ± Is gives the orientational dependence. \Ae can express Js in
terms of the Jn as before:

It = J1 ± J2 (6)

where the ± depends on the orientation of the next layer down. The
point is that the coefficient of the 12 term is unity in (6), as distinct from
2 in (5). This is clear from figure 4 where we have used curved and
square links to denote JI and J2 interactions in the same way as in figure
3. The difference arises because in figure 4 we are at the surface, not in
the bulk. Now if (5) is nearly zero as already discussed, with It positive.
then Js in (6) has to be positive, at least of magnitude J IJ nwi matter
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+- + + (M)
II

Figure 4. Semi-infinite crystal on the left, with layers of various +
and - orientation at the surface. An extra layer, of orientation to he
determined and denoted by (±), is being added at the surface.

whether the coefficient of the J2 term is ±_1 in (6). This shows that it is
energetically favourable for the new layer to have the same orientation
as the preceding top layer. That automatically results in all layers
growing with the same sign. i.e. a cubic crystal [171.

We see therefore that the growth of the cubic form of SiC receives a
natural explanation in terms of our Jn. Note our implicit assumption,
that the new layer goes down into a situation of constrained equilibrium.
We assume it goes down with the orientation having the lower energy.
but without allowing any rearrangement of lower layers in the crystal to
give a global energy minimisation. One presumes that the rate of such
larger scale rearrangement would be slow compared with the rate of
adding new layers, at least under conditions giving the 3C form.

As already remarked, our scenario of the growth is tentative
because it is not valid just to take the Jn values from the bulk and use
them at the surface: there are extra surface terms 1151.

5. POLYTYPES IN ZnS

The situation in ZnS is different from SiC in two regards. Firstly, the
maximal energy difference between the difference between the 2H and
3C polytypes is a factor of five smaller than in Si, a factor of three
smaller than in SiC, as shown in figure 1 1221. Thus all polytypes have
more nearly the same energy than in SiC, and this is consistent with
there being a large number of observed polytypes with very varied
stackings: they are not confined to a special family as the SiC ones are
more or less o sots of 2-bands and 3-bands. Secondly there is a
reversible transition from the 3C structure at lcw temperature to the 211
structure above 1024'C. From this and the energy differences of figure 1
we deduce that the temperature-dependent part of the free energy is
much larger in ZnS than in SiC, with differences of order 3meV between
polytypes instead of 0.1 meV. There has not been any research on
whether this free energy is due to phonons or possibly some roughening
disorder of the boundaries. The latter is much more efficient at
generating entropy differences. In this connection it may be worth
noting that a computational study of Pbl 2 also ascribes its polytype
transition to phonon free energy differences 1301. The fact that the free
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energy differences in ZnS are more than in SiC is consistent with the fact
that the phase transition between 2H and 3C goes quite easily and is
reversible.

We can carry the analysis one step further. The calculations 122]
and the way the 6H and 4H energies in figure 1 interpolate linearly
between those of 2H and 3C, show that Jl is non-zero but all other J' are
negligible. If we assume that the temperature-dependent free energy
differences, whatever their origin, are also more or less completely
confined to JI, then at the transition at 1024 0C we would literally have a
multiphase degeneracy with all possible stackings, regular and irregular,
having equal free energy. This is a fair summary of what is observed, at
least under some conditions 122, 231.

Engel has considered the polytypes observed in ZnS whiskers [231.
These seem to have at their centre a screw dislocation with fairly large
Burgers' vector, as shown by the fact that different stacking sequences
are observed along one whisker but with the same repeat distance. It
has been suggested (see Reference 23 and references there) that in such
a whisker, the phase transformation on coming down in T is nucleated at
several sites from whence it spreads until the domains collide and
overlap. New stacking faults can propagate fast or slow according to
whether the corresponding energy change involves JI or not. The
observed statistical distribution of polytypes can be accounted for very
well in this way 1231.
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EPITAXIAL MONOCRYSTALLINE SiC FILMS GROWN ON Si BY
LOW-PRESSURE CHEMICAL VAPOR DEPOSITION AT 7500 C
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Al'ied-S•nnal. Inc.. Corporate Research and Technology, P.O.B. 1021, Morristown,
NJ 07962

ABSTRACT

Monocrystalline, epitaxial cubic (100) SiC films have been grown on
monocrystalline (100) Si substrates at 7500C, the lowest epitaxial growth temperature
reported to date. The films were grown by low-pressure chemical vapor deposition,
using methylsilane, SiCH 3H3 , a single precursor with a Si:C ratio of 1:1, and H2. The
films were characterized by means of transmission electron microscopy, single- and
double-crystal X-ray diffraction, infra-red absorption, ellipsometry, thickness
measurements, four-point probe measurements, and other methods. Based on X-ray
diffractometry, the crystalline quality of our films is equivalent to that of commercial
films of similar thickness. We describe the novel growth apparatus used in this study
and the properties of the films.

INTRODUCTION

SiC is the leading semiconducting candidate material for use in electronic and opto-

electronic devices and circuits designed to operate at 300-700°C and above. SiC is
particularly attractive for high power, high frequency and high radiation applications,
since its carrier saturation velocity, breakdown electric field, thermal conductivity and
tolerance to ionizing radiation are significantly superior to those of Si and GaAs [1].
SiC exists in the cubic, 13 phase, as well as in about 170 hexagonal polytypes,
commonly grouped under the a phases. Each phase has a somewhat different
bandgap and different carrier mobilities. The bandgap of 1-SiC is the lowest: 2.35 eV
at room temperature.

Bulk, high-purity and high-quality monocrystalline SiC is not commercially available
in sizes greater than 2.5 cm. In addition, the ability to form epitaxial SiC films is
desirable in the manufacture of integrated circuits. Thus, there have been efforts to
deposit SiC epitaxially on other substrates [2], primarily Si, which is available in sizes
up to 20 cm. Epitaxial SiC films have been grown on Si despite the 20% difference
in the room-temperature lattice parameters of the two materials: ao(SiC) = 4.3596 A,
ao(Si) = 5.4301 A. Film formation methods have included chemical vapor deposition
(CVD). molecular beam epitaxy, sputtering and laser ablation. Most SiC films
deposited on Si which have been used for devices were grown by atmospheric
pressure CVD at temperatures of 1300-1380'C, using separate precursors for Si and
C, e.g., SiH 4 and C3 H8 . Some processes use chlorinated precursors, e.g. SiHCl3 [3],
which produce highly corrosive HCI. Such high growth temperatures are undesirable,
since they result in high tensile stress and crystalline lattice defects in the SiC film, due
to the difference in the coefficients of thermal expansion of SiC (4.63x106/°C for the
13 phase) and Si (4.16x106/oC), averaged between room temperature and 1380 0C

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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[4,5]. Such defects and strain in heteroepitaxial films are known to degrade the carrier
mobilities and increase junction leakage currents [6]. In order to fabricate electronic
devices in the top =0.5 pim region, a SiC film up to 30 prm thick must be grown,
requirinC a rela!ively' long deposition run of _30 h. High growth temperatures may also
result in increased autodoping and in undesirable smearing of dopant distributions and
metal contacts in underlying heteroepitaxial structures. Significantly lower growth
temperatures are thus highly desirable. In addition, the use of separate precursors for

Si and for C in the growth of SiC thin films may result in small departures from
stoichiometry in the films, leading to point defects (interstitials, vacancies, anti-site

defects) or even inclusions and precipitates, which further degrade the device
characteristics. Many SiC growth procedures also use a surface carbonization step
[7] prior to deposition. The lowest reported growth temperature of epitaxial, single-

crystalline B-SiC on Si for device applications is 10000 C [3], where epitaxy was

obtained on (111) Si but not on (100) Si.
We have grown single-crystalline, epitaxial cubic (100) SiC films on (100) Si

substrates at 750-9000C by low-pressure chemical vapor deposition, using
methylsilane, SiCH3H3 , a single gaseous precursor with a Si:C ratio of 1:1, and H2 .
These epitaxial growth temperatures are the lowest reported to date. No surface
carbonization step was required in our process. The films were grown in a recently
built, versatile, cold-wall, high-purity reactor, described below. The films have been
characterized by means of transmission electron microscopy (TEM), single- and
double-crystal X-ray diffraction, infra-red absorption, ellipsometry, four-point probe
measurements, thickness measurements (by optical means, Dektak profilometry and
Rutherford backscattering spectrometry), and other methods.

GROWTH APPARATUS

The reactor comprises a water-cooled, electro-polished stainle~s steel growth
chamber, depicted schematically in Fig. 1. The chamber is pumped by a chemically-
resistant Alcatel 400 I/s turbo-molecular pump (with grease-lubricated bearings),
backed by a 190 ft3 /min Edwards Roots blower in series with a 48 ft3/min Edwards oil-
free rotary pump (model DP-80). The base pressure without bakeout is ,x1007 Torr.
The majority of the vacuum connections are made with Conflat®-type knife-edge
flanges. There are eight high-purity mass-flow-controlled gas or vapor delivery lines,
built with electropolished stainless-steel tubing and mainly VCR®-type connectors (the
balance are Swagelok® stainless-steel fittings). Each line can be evacuated directly
to the precursor cylinder valve and on both sides of the mass flow controller with the
Edwards pumps and purged with high-purity Ar. The output of every gas line can be
directed either to the growth chamber or to the backing pumps (run/vent configuration).
A butterfly throttle valve allows control of the pressure in the chamber by varying the
flow conductance to the pumps. The vacuum gate and gas valves are electro-
pneumatically operated. Safety devices include excess flow valves in the gas lines and
an oxidizing furnace connected to the exhaust of the dry pump.

The chamber incorporates a BN-encapsulated, low-mass graphite resistive heater,
upon which the substrate is placed. The temperature of the film/substrate is measured
in-situ and in real-time through quartz and sapphire windows with a pyrometer
operating at 0.8-1.1 gim. The pyrometer readings are calibrated by using Si test wafers
having K-type embedded thermocouples (Sensarray, Inc.). The reactor has other

features which were not used for the results described here.
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Figure 1. Schematic diagram of the cold-wall growth chamber.

SUBSTRATE PREPARATION AND FILM GROWTH PROCEDURE

The (100) oriented, p-type, 30-70 0,cm Si substrates are degreased in an
ultrasonic cleaner, dipped in a 10% HF solution and mounted onto the heater. After
the deposition chamber is evacuated and purged with Ar, the wafers are heated in
flowing H2 at about 9000C in order to remove any residue of the native surface oxide.
The temperature of the substrate is adjusted to the desired value in the range 700-
9000C and SiCH3H3 is admitted into the chamber. The ranges of total pressure in the
deposition chamber and total flow rate are 0.1-1 Torr (13-133 Pa) and 100-400 sccm,
respectively. The ratio of SiCH3H3 to H2 flow rates is in the range 1:(40-1800). At the
conclusion of the growth sequence, the precursor flow is diverted to the pump and the
wafer is cooled down.

CHARACTERIZATION RESULTS

The films are transparent in the visible and have a refractive index of 2,6 at 0.6328
pm, equal to the tabulated value for cubic SiC [8]. The depth-averaged resistivity
measured with a high-sensitivity four-point probe (Four Dimensions, Inc.) is in the
range 1-10 Qcm at room temperature. The infra-red spectra (see Fig.2) present a
single major absorption band centered at 775-790 cm-1, a frequency identical to that
reported for bulk SiC [9]. The deposition rates are in the range 0.1-1 Pm/h (750-
9000C), depending on process conditions, and they increase with temperature. The
visual appearance, the resistivity and the infra-red transmission of commercial 0.3 Pm
thick (100) SiC/(t 00) Si films are similar to those measured in our films.
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Figure 2. Differential infra-red transmission spectrum of a 0.25 gm thick, epitaxial,
(100) f3-SiC / (100) Si sample, grown at 7500C, vs. (100) Si.

Single-crystalline, cubic (100) oriented films are obtained at temperatures as low
as 7500C under the present experimental conditions, as evidenced by plan-view TEM
studies; see Fig.3. Samples were thinned for TEM by polishing and dimpling the Si
side down to about 30 gm, chemical etching in a 5:3:3 solution of
HNO 3 :HF:CH 3 COOH, and Ar ion milling (to perforation) from both sides at 3 keV and
120. The spots seen in the selected area electron diffraction pattern are indexed to 1-
SiC. The contrast seen in the TEM micrograph is associated with (a) mass contrast
due to surface roughness (either induced by ion milling during sample preparation for
microscopy or already present) and (b) diffraction contrast due to misoriented regions
(e.g. possible twinning) surrounding the epitaxial growth. Stacking faults and anti-
phase domains could be seen in certain diffraction conditions. There was no clear
indication of a well defined dislocation structure, but no attempts were made to
characterize the SiC/Si interface, where such a structure could be prevalent.

Standard (0-20) X-ray diffractometer scans, an example of which is given in Fig.4,
show only the (200) peaks of cubic SiC and of the Si substrate. There are no peaks
at the angles corresponding to the (111) and (220) diffraction lines. These X-ray data
siqnify the films are epitaxial, i.e. have the same orientation as the Si substrate,
although such X-ray scans in isolation do not unambiguously prove single-crystallinity.
In the present case, however, these X-ray results are consistent with and corroborate
the TEM data, which by themselves prove the single-crystalline nature of our films.

X-ray rocking curves were measured with a two circle diffractometer and double-
crystal X-ray spectrometer. The full-width-at-half-maximum (FWHM), ACo, of a rocking
curve of a monocrystalline film is a semi-quantitative, depth-averaged measure of the
concentration of defects and strain in the film. The FWHM usually decreases with
increasing film thickness in heteroepitaxial systems, because the defect concentration
is highest at the film/substrate interface and decreases with distance away from the
interface [10]. The FWHM of the SiC (400) peak of a 0.25 lm thick film grown in this
laboratory at 7500 C is 0.650. Similar values in the range 0.65-0.70° were measured
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Figure 3. Plan-view TEM image and se(ected-area diffraction pattern of a 0.25 pm
thick, (100) B-SiC film grown on (100) Si at 7500C.
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Figure 4. 0-20 X-ray diffraction scan of a 0.25 pm thick, epitaxial, single crystalline
(100) (3-SiC film grown on (100) Si at 7500C. The three vertical marker
lines indicate, from left to right, the expected positions of the (111), (200)
and (220) X-ray lines of 3-SiC.
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for somewhat thicker, 0.3 pim commercial (100) SiC films grown on (100) Si. An
additional benchmark is obtained by comparison with the silicon-on-sapphire (SOS)
system, where commercial 0.17 jim and 0.37 pm thick, (100) epitaxial silicon films
on(01 12) sapphire had Aw = 0.70 and 0.50, respectively [10]. SOS films have been
and are being used extensively and routinely in integrated circuit technology.
Preliminary results indicate that the crystalline quality of our SiC films, as measured
by the FWHM of the X-ray rocking curve, is improved by decreasing the flow rate of
SiCH3 H3 or increasing the deposition temperature.

SUMMARY

Single-crystalline, epitaxial cubic (100) SiC films have been grown on (100) Si
substrates at 7500C by low-pressure chemical vapor deposition, using a single film-
forming precursor - methylsilane, and hydrogen. This epitaxial growth temperature is
the lowest reported to date. Our study is also the first to report single-crystalline SiC
films formed from methylsilane. No surface carbonization step [7] and no halogenated
compounds [3] were used in our process, which is therefore much simpler, safer and
has a smaller thermal budget than other existing processes for deposition of SiC films.
Based on double-crystal X-ray diffractometry measurements, the crystalline quality of
our films is equivalent to that of commercial films of similar thickness.

ACKNOWLEDGEMENTS

The encouragement of D. Boudreaux, D. Narasimhan and R.C. Morris is greatly
appreciated. We gratefully acknowledge D.K. Pelcher (Rudolph Research, Inc.) for
ellipsometry measurements and D. Lie (California Institute of Technology, Pasadena,
CA) for Rutherford backscattering measurements of film thicknesses.

References

1. R.J. Trew, J-B. Yan and P.M. Mock, Proc. IEEE 79, 598 (1991).
2. R.F. Davis, in The Physics and Chemistry of Carbides, Nitrides and Borides, R.

Freer, ed., (Kluwer Academic Publishers: Dordrecht, the Netherlands, 1990) p.589.
3. Y. Furumura, M. Doki, F. Mieno, T. Eshita, T. Suzuki and M. Maeda, in Proc.

Tenth Intl. Conf. on Chemical Vapor Deposition, ECS Proc. Vol. 87-8, G.W.
Cullen, ed. (The Electrochemical Society, Inc.: Pennington, NJ, 1987) p.4 3 5 .

4. Z. Li and R.C. Bradt, J. Amer. Cer. Soc. 70, 445 (1987).
5. Y.S. Touloukian, R.K. Kirby, R.E. Taylor and T.Y.R. Lee, Thermophysical

Properties of Matter, Vol 13 (IFI/Plenum: New York, 1977).
6. I. Golecki, in Proc. Symp. on the Companson of Thin Film Transistors and SOl

Technologies, Mater. Res. Soc. Symp. Proc. Vol. 33, 3 (1984).
7. S. Nishino, H. Suhara, H. Ono and H. Matsunami, J. Appl. Phys. 61, 4889 (1987).
8. W.G. Driscoll and W. Vaughn, ed., Handbook of Optics (McGraw-Hill: New York,

1978), p.7-103.
9. W.G. Spitzer, D.A. Kleinman and C.J. Frosch, Phys. Rev. 113, 133 (1959).
10. I. Golecki, H.L. Glass, G. Kinoshita and T.J. Magee, Applications of Surface

Science 9, 299 (1981).



525

EVALUATION OF SILICON CARBIDE FORMED WITH A SINGLE

PRECURSOR OF Di-tert-BUTYLSILANE

SING-PIN TAY, J.P. ELLUL, SUSAN B. HEWITT', N.G. TARR', A.R. BOOTHROYD"

Northern Telecom Electronics Ltd., 185 Corkstown Rd., Nepean, Ontario, Canada K2H 8V4

* Dept. of Electronics, Carleton University, Ottawa, Ontario, Canada.

ABSTRACT

A low temperature process of silicon carbide deposition using the pyrolysis of di-tert-butylsilane

has been explored for formation of emitter structures in silicon heterojunction bipolar transistors.

Near stoichiometric amorphous silicon carbide films were achieved at 775°C. Doping and annealing

of these films resulted in resistivity as low as 0.02 ohm-cm.

INTRODUCTION

Silicon heterojunction bipolar transistors (Si-HBTs) have been investigated for potential

application in BiCMOS processes in order to optimize thc performance of bipolar transistors and

reduce chip power density. This increases flexibility in utilization of bipolar transistors beyond 1I'O

circuitry and high-load drivers. Although single-crystalline O-SiC has been useful for wide band-

gap emitter formation in Si-HBTs, its epitaxial growth involves reaction of silanes and hydrocarbons

at temperatures higher than 1000°C. Such high temperatures are undesirable for BiCMOS processes

and in particular for high speed bipolar transistors which have a very thin (about 50 nni) highly

doped base. To suppress dopant redistribution in the base during emitter formation, low

temperature processes of amorphous and polycrystalline SiC, deposition have been pursued and

reported[1,2]. One such method involves the pyrolysis of di-tert-butylsilane(DTBS)[3]. In this paper

we report preliminary results of our DTBS process intended for device quality n*-SiC HIBT emitter

formation.

EXPERIMENTAL PROCEDURE

Liquid DTBS has a boiling point of 128°C and a fairly high vapour pressure of 25 Torr at 20'C

allowing gas transfer from a 1.2 litre stainless steel ampule into the reaction chamber at room

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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temperature. Vapour flow control was accomplished by use of an MKS Model I 150A controller. A

hot-wall LPCVD furnace was used for pyrolysis of DTBS in the pressure range of 0.35 to I Torr

and temperature from 600 to 800°C. Elimination of residual oxygen in the reaction chamber is

critical in the formation of stoichiometric silicon carbide films. This was done by flowing argon,

purified by a point-of-use Nanochem system, prior to and during the deposition. To dope the SiC,

emitter with phosphorus we also incorporated tert-butylphosphine(TBP) in the SiC. deposition

process by injecting TBP vapour from a liquid source. TBP has a boiling point of 540C and a vapour

pressure of 141 Torr at 10°C. Both undoped and doped films were deposited on 150mm diameter

p-type 8-15 ohm-cm Si(100) wafers as well as on some wafers coated with 300 nm thick silicon

dioxide. Some of the films were annealed (RTA) in nitrogen ambient in a rapid thermal reactor in

order to examine the film crystallinity as well as resistivity. The experiments carried out are

outlined in the following sections:

1. Undoped SiC, films

Experimental runs were carried out to examine the effect of varying the following process

parameters on the deposition rate, stoichiometry, and film quality:

i) Temperature: 550'C -- 800'C

ii) Pressure: 0.25 -- I Torr

iii) Argon flow rate: 250 -- 1000 sccm

iv) DTBS flow rate: 250 -- 350 sccm

2. Doped SiC. films

In these experiments the process conditions were optimized for the best stoichiometric SiC,

films. The deposition temperature was 775'C. and the pressure was 0.35 Torr. The DTBS and argon
flow rates were 250 and 500 sccm respectively. Deposition time was adjusted to obtain films with

thicknesses around 350 nm. The TBP flow rate varied from 130 to 340 sccm. For film resisti itv

measurements, some doped films were deposited oil a 300 nm thick layer of SiO, grown on silicon

substrate. These doped films were annealed for 10 sec in N2 ambient at various temperatures

between 900'C and 1200'C.

The SiC, films were characterized by a number of techniques. Auger electron spectroscopy

(AES) and elastic recoil detection (ERD) were used to examine the stoichiometry. The film

thickness and refractive index were determined by ellipsometry at wavelengths of 632.8 nm and

800.0 nm, with SEM verification of thickness in most cases. FTIR and Raman spectroscopy were
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employed to detect the existence of silicon-silicon, carbon-carbon and silicon-carbon bonds. The

crystallinity of the films was examined with TEM and electron diffraction methods. A four-pc nt

probe was used to determine the film resistivity.

RESULTS AND DISCUSSIONS

Without the use of Nanochem-purified argon in the process there was always five to ten atomic

percent of oxygen in the SiC, films. Oxygen is known to form generation-recombination centres

that can increase junction leakage; therefore every attempt was made to reduce the oxygen content

of the films. AES, ERD, and FTIR results indicated the absence of any detectable level of oxy gen

in the bulk of films that were deposited with the process which incorporates Nanochem-purified

argon. Little effect on stoichiometry was seen with argon flow rate varied from 250 to 1000 sccm.

The following discussions refer to films without detectable oxygen content achiesed in this 'sa\.

The SiC film grown at 775°C is nearly stoichiometric as determined by AES. T\pical film

growth rate at 775°C is 18 nm/min. Figure I indicates that the stoichiometry of these filns is

heavily dependent on deposition temperature. At temperatures above 775'C. the film is carbon-rich

with Si/C ratio being 0.7 at 800'C, while betow 775°C the film is silicon-rich with Si, C ratio being

1.9 at 700°C. The stoichiometry does not appear to be significantly dependent on any other sariableý
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Figure I. Stoichiometry of undoped SiC, films iersus deposition temperature.
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ERD data show that hydrogen content in these films is 2 to 4 percent. Si-C bonding (765 cm')

was revealed in FTIR spectra for all SiC. films, whereas Raman spectra indicated that films

deposited at temperatures below 750'C were predominantly amorphous silicon.

At wavelengths of 632.8 and 830.0 nm where SiC film may be considered transparent w ith >40,

optical transmission14], the ellipsometry measurement yielded a refractive index of 2.7 for all SiC,

films deposited at 775°C. This is close to the reported value of 2.64 for monocr.stalline SiC [5,6].

The DTBS flow rate is seen to affect the deposition rate only. In general, at constant

temperatures, lower DTBS flow rates causes a lowering in the deposit on rate (Figure 2). the

physical quality of the films appears to be dependent on the gas pressure during deposition. \Vhile

films deposited at pressure from 0.35 to 0.5 lorr adhered well to the substrates, those deposited at

I Torr were flaky.
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Figure 2. Deposition rate of undoped SiC. films at 700'C tersus D'I"BS flow rate.

Doped films, 300 -- 370 nm thick, deposited on oxidized silicon substrates, were annealed and

exhibited resistivities in the range of 0.02 to 0.34 ohm-cm. The lowest %alue of 0.02 ,hm-cm " as

achieved for films annealed by RTA at I 100C. The ratio of resistivities after and before RIA is

plotted against the anneal temperature in Figure 3. Again, this plot suggests that the most effecti'e

anneal temperature is I l00C for lowering the resistivity of the n'-SiC, films. ,At 1200"C, the
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resistivity ratio increases rapidly from that for I 100°C. This seems to suggest that the dopant could

be evaporating from the surface of the silicon carbide films during the higher temperature anneal.

However, since the diffusion coefficient of phosphorus in silicon carbide is very low, it is unlikely

that much dopant would reach the film surface and evaporate. It is more probable that the higher

temperature anneal caused changes in the structure of the film. TEM of a doped film deposited at

775°C and anaealed at 1200'C indicates a polycrystalline grain structure which was identified by

electron diffraction as mainly silicon. Diffusion of phosphorus in polysilicon is known to be faster

than it is in silicon carbide.
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Figure 3. Ratio of resistivities after and before RTA of doped SiC, ýs. anneal temperature.

CONCLUSIONS

Amorphous near-stoichiometric silicon carbide films have been obtained from an LPCVD process

using the pyrolysis of di-tert-butylsilane at 775'C. Films in situ doped with phosphorus exhibit

resistivities in the 10' ohm-cm range. This DTBS process may be suitable to produce low thermal

budget silicon carbide films intended for device quality n'-SiC HBT emitter formation.
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ABSTRACT
Deformation experiments were carried out on 6H-SiC single crystals and the deformed

samples were examined by electron-optical techniques to verify any evidence for stress-induced
polytypic transformation.

INTRODUCTION
Despite its discovery about 80 years ago [ 11, polytypism in SiC has still not been satisfactorily

explained. A number of attempts have been made to explain the occurrence of polytypism and the
mechanism of transformation from one polytype to another [21. However, none of the
mechanisms proposed so far can explain all the experimental observations, and they are often in
contradiction with them. Polytypism can be considered in two different ways. Firstly, from a
thermodynamic point of view, the stability of each polytype over a certain range of temperature
and pressure can be considered. In this respect, great progress has been recently made by means
of ab initio calculations of the total energy of different polytypes (see Heine in these proceedings
[31). The actual mechanism of polytypic transformation is a kinetic problem and has been
considered both as a diffusive process and also as a dislocation process. Recently a dislocation
model for polytypic transformation was proposed [41 which is briefly discussed in the following
section. It involves the glide of 30' partial dislocations which are assumed to have different
activation energies for motion. Thus it implies that the phase transformation depends both on

temperature as well as on stress. The assumption of different mobilities of the two 300 partial
dislocations is based their different core structures: the core of one of the 30' partials is all carbon
atoms (the C(g) partial) while the core of the other partial is all silicon atoms (the Si(g) partial)
151. The formation of kink pairs and their migration are assumed to be much easier along the
Si(g) partial as compared to the C(g) partial [51. The present paper discusses some experiments
designed to check the validity of this model. Before discussing the experimental results, a brief
review of the 6H-1-3C polytypic transformation is given. For more details of the model, see
references [4] and [5].

THE 6H-+3C TRANSFORMATION
The mechanism of ref. [41 depends on a pinned segment of a screw dislocation which is

dissociated on the (0001) plane into a Si(g) and a C(g) 300 partial dislocations. Under an
appropriate resolved shear stress, where the Si(g) partial with the higher mobility is the leading
partial, it will expand and form a loop on the (0(X)I) plane in a manner similar to the Frank-Read
mechanism. On the other hand, the C(g) partial, which has a very low mobility at low
temperatures (say below 1500°C), lags behind and cannot form a loop. Hence the loop formed
by the Si(g) partial is faulted After the formation of a faulted loop, the leading Si(g) partial
approaches the trailing C(g) partial from behind and the screw dislocation cross-slips onto the

(1010) prism plane according to the Friedel-Escaig mechanism (see ref. 161). Subsequent to this,
there is a tendency for the screw dislocation to cross-slip back to the basal plane. This can only
happen if the screw dislocation can dissociate on the basal plane without violating the stacking
sequence, i.e. without forming a high energy AA stacking. The sequence of faulted loop

formation on the (0001) plane followed by cross-slip on the (1010) plane is shown schematically
in Fig.1. On the right hand side of this figure, the stacking sequence of 6H-SiC, i.e.
...ABCACB... is shown. Within each faulted loop, the crystal has sheared and the sites change
according to A---)B or B--C or C-)A. Thus, as shown in Fig. 1, the final stacking sequence
within the loops will be ... ACB... and a 6H--+3C transformation has taken place.

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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EXPERIMENTAL PROCEDURE
The material used in thu uefonnation experiments was grown by the Acheson method and

supplied by the Taiheiyo Rumdum Co. The crystals are monocrystalline and transparent with a
greenish tint which implied the presence of nitrogen impurities. The as-received material was
checked by TEM and was found to be quite a perfect single crystal (Fig. 2). No defects are seen
in Fig. 2 and the 6H periodicity can be clearly observed. At much lower magnifications in the
TEM, and after a thorough search, a low density of stacking faults on the basal planes and
inclusions could be found in the specimen.

y B

A A

B B

o CA A

B•

, , A ,. , A

B

FIG. 1. Schematic of the change in the stacking sequence from 6H to 3C during the 6H--3C
polytypic transformation. The scheme follows the model of ref. [4].

The SiC crystals were cut by a diamond saw into parallelepiped-shaped specimens (lx Ix3
mm 3 ) in the orientation shown in Fig.3. The primary glide plane is (0001) and the cross-slip

plane is (10i0). The resolved shear stress on two of the i<1210> dislocations is equal on the

basal plane as well as on the corresponding (1010) cross-slip plane. This particular orientation
was chosen in order to have a large resolved shear stress both on the basal (0001)

TABLE 1. Deformation conditions
Specimen Deformation Resolved Shear Deformation True Plastic

Temperature (00 Stress, 't (MPa) Time (hours) Strain, 6 (%)
#1 1400 98 0.5 20.3
#2 1100 22 5.0 17.9
#3 1100 22 0.5 5.1
#4 950 22 .
#5 800 22 124.0- 1 1.1
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FIG. 2. A HREM Micrograph of the as-received 6H-SiC along a <1120> direction.

plane and also on the (lOjO) cross-slip plane. Five samples were deformed under the conditions
shown in Table 1. Each specimen was pre-loaded by 20 MPa and then ramped up to the
defomation temperature. Subsequently the applied stress was increased to the desired value and
the specimen kept under load for the desired time (see Table 1). After deformation, TEM

specimens were prepared with foil normals parallel to 10001] and [11201 directions and examined
in JEOL 200CX and JEOL 4000EX microscopes. The latter microscope, with a point-to-point
resolution of 0.18 nm, was used for HREM.

[10101 I

450o [12101

J

-. .1---1 mm A

FIG. 3. The orientation of the deformation FIG. 4. An optical micrograph of the

specimen. The dimensions of the specimen (1210) surface of sample I after deformation at
are Ixlx3 mm 3 . 1400oC (E=20.3%).

RESULTS
The plastic strains, E, undergone by the specimens are shown in Table I. Samples I and 2

underwent a very large plastic strain of -15-20% while the plastic strain in samples 3 to 5 was
lower; in sample 3 C-5% and for samples 4 and 5 E-~%. Fig. 4 shows an optical micrograph of
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the sample before and after deformation at 1400'C. There is a high density of slip traces which
are parallel to the traces of the basal planes. A TEM micrograph of a heavily deformed section of
sample 1 compressed at 1400'C is shown in Fig. 5. Note the striped contrast from the different
phases. The wide bands in this figure are all 3C. In fact, the predominant phase in this region of
the specimen is cubic SiC as shown by the diffraction pattern from this area (see Fig. 5).

FIG. 5. A TEM micrograph of a heavily deformed section of sample 1 (deformation
temperature=14010 C, 6=20.3%). The diffraction pattern from this region is also shown.

Fig. 6 shows an HREM micrograph of a region of Fig. 4 where there is a large density of
the 3C phase.

FIG. 6. A HREM micrograph of a region of Fig. 4 where there is a large density of the 3C
phase (deformation temperature= 1400'C, c=20.3%).
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Fig. 7 shows a HIREM micrograph of sample 3 which was deformed at I 100C for 5 hours.
As may be seen, the region has also been partially transformed to the cubic phase.

FIG. 7. A HREM micrograph from sample 3 deformed at I 100*C for 5 hours (E=17.9%)
where there is partial transformation to the 3C phase.

No 6H-43C transformation was observed in samples 4 and 5. However, very wide
stacking faults were observed in the specimens deformed below 1000°C where E-~%. An
example is shown in the bright-field TEM micrograph of sample 5 in Fig. 8.

FIG. 8. TEM micrograph of wide stacking faults in sample 5 deformed at 800*C (E=1.1%).
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DISCUSSION AND CONCLUSION

According to the model described in ref. [41, there are three requirements for polytypic
transformation in SiC: 0i) A large difference in the mobility of the 300 partial dislocations, (ii) A
sufficiently large resolved shear stress on the basal plane to form a faulted loop from a pinned
segment of the highly mobile 300 Si(g) partial dislocation, and (iii) A sufficiently large resolved
shear stress on the cross-slip plane to make the screw dislocation cross-slip after it has re-formed.
The experiments in this paper were designed to satisfy the above conditions for the 6H-*3C
polytypic transformation. By choosing relatively low temperatures and low resolved shear
stresses, it was intended that the trailing partial dislocation lags far behind the leading partial. In
addition, the orientation of the specimen was chosen in such a way that there were roughly equal
resolved shear stresses on the primary glide (basal) plane and the cross-slip (prism) plane. From
the results of the tests, we can draw the following conclusions:

(a) The large plastic strains in the single crystals of 6H-SiC at these relatively low
temperatures (<1500'C) and low stresses (<100 MPa) occur by the glide of partial dislocations
(see also the work of Maeda et al. [71). This is an indirect evidence for the asymmetry of the
partials dislocation mobilities and the fact that one of the partial dislocations (presumably the Si(g)
partial) can be easily moved even at low temperatures.

b) In samples 1 and 2, there is partial transformation of the 6H polytype to the cubic 3C
polytype. These samples correspond to the temperature range 1100-1400°C where there is a
large plastic strain (-20%). The mobility of the partials is expected to be very different in this
temperature range and the results are consistent with the dislocation model proposed in [4].

c) In sample 5, deformed at 8000 C, there is no 6H--3C transformation despite the very
long deformation time (-24 hours). However, the dislocations are very widely dissociated
indicating an even larger asymmetry in the mobility of the two partial dislocations as compared to
samples 1-4 deformed at higher temperatures. This implies that the asymmetry in the mobility of
partials is due to a larger activation energy for the motion of the trailing partial dislocation
(presumably the C(g) partial) as compared to the leading partial dislocation (presumably the Si(g)
partial) [81. The absence of polytypic transformation in this sample, and also in samples 3 and 4,
may be because of the difficulty of cross-slip under their deformation conditions.
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Cincinnati, Cincinnati, OH 45221-0030

ABSTRACT

A comparison of several simple hydrocarbon gases, with H:C ratios ranging from
1 to 4, as precursors for the carboinzation of Si is presented. The growth experiments were
performed by RTCVD at reactor pressures of 760 and 5 Torr. For AP-RTCVD, we have
found that C3H8, C2H4 and C2H2 have very similar dependence of growth rate on hydrocarbon
partial pressure in the chamber. At 1300'C, this involved a maximum in film thickness being
obtained at a hydrocarbon flow rate of 8-10 sccm, representing a transition hydrocarbon fraction
(in H2 ) of - 5x10-4 . CH14 carbonization produces a peak growth rate at a significantly higher
fraction, - 4xl0-3. For LP-CVD at 5 Torr, the transition carbonization fraction increases by
approximately an order of magnitude. The AP-RTCVD carbonization activation energy for
C3H8, C2 H4 and C2H2 at higher temperatures (-1200-1300*C) has a common value of
- 0.8 eV, while for lower temperatures it depends on the hydrocarbon.

INTRODUCTION

Silicon carbide is an interesting semiconducting material with many desirable properties:
large Eg (2.2 eV for the 3C polytype), high Tm (>28000 C), high Ebr (2.5xl0 6 V/cm), high
thermal conductivity (4 W/cm-0 K), high saturated electron drift velocity (2xlo7cm/sec), as well
as a large degree of physical and chemical stability. These properties are very attractive for
many SiC device applications requiring operation under extreme conditions (such as high
voltage and/or current, high temperature, etc.) and for heterostructure applications, such as the
SiC-Si heterojunction bipolar transistor which requires a large band-gap semiconductor. For
heterostructure device fabrication, the epitaxial growth of B-SiC-on-Si has been accomplished
by conventional chemical vapor deposition (CVD) [1-3], by low pressure CVD with
simultaneous [4] and alternate supply of Si- and C-bearing gases [51 and by gas-source
molecular beam epitaxy [6,7]. We have previously reported the epitaxial growth of B-SiC films
on (100) Si by rapid thermal chemical vapor deposition (RTCVD) at atmospheric [8] and
reduced pressures [9]. RTCVD growth is well-suited for the fabrication of thin SiC-on-Si
device structures, due to its minimal exposure to high temperature, which is proluced by
rapidly cycling the substrate temperature. This rapid temperature control is usually provided by
Si absorption of the near-IR photoemission of W-halogen lamps. RTCVD growth of SiC-on-Si
(100) using C3 H8 carbonization and/or growth by reaction of C3H8 and SiH4 has been shown
[8] to result in monocrystalline (100) SiC thin films.

In this paper we report on a study which compares several simple hydrocarbon gases as
precursors for the carbonization growth of SiC-on-Si by RTCVD.

EXPERIMENTAL PROCEDURE

The growth system is a modified RTCVD system from AET/ADDAX. A detailed
description of the system and its operation can be found in 18]. The gas precursors used in this
study are CH4 , C3H8, C2 H4 and C2 H2 , all diluted to 5% in H2. The flow rates of each of the
hydrocarbon gases referred to later in this paper indicate the rate of flow of the 5% mixture.
Hydrogen is also used as the carrier gas. The system pressure was measured by a capacitance
manometer and controlled by a throttle valve with a pressure controller. The growth substrates
consisted of standard (100) n-type Si wafers with 4-6 ohm-cm resistivity. Prior to being loaded
into the chamber, the substrates were dipped in diluted HF and rinsed in DI H20. The typical
AP-RTCVD process sequence [8] consists of the following steps: (a) pump-down to base

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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pressure, followed by H2 flush; (b) in-situ cleaning by exposure to HCI for 2 min at 1200°C; (c)
pump-down; (d) establish gas flow and pressure and then ramp-up to carbonization temperature;
(e) carbonization and ramp-down to room temperature. The LP-RTCVD process is the same,
except for a time delay prior to the initial temperature ramp-up to allow for stabilization of the
pressure at the selected level. For preliminary comparisons, we have used the same growth
parameters for LP-RTCVD as those obtained for optimized AP-RTCVD growth: growth
temperature of 1300'C, temperature ramp rate of 25-500 C/sec, growth time of 60-120 sec.

RESULTS AND DISCUSSION

The fraction of the C-bearing gas in the gas stream (i.e. the ratio of CxHy to the total
gas flow) was found, for all hydrocarbons investigated, to be extremely important in
determining the nucleation process and the structural properties of the resulting SiC film. The
SiC average tilm thickness obtained at atmospheric pressure after 90 sec growth at 13000 C is
shown in Fig. 1 as a function of hydrocarbon fraction. For all hydrocarbons, a transition
fraction for maximum thickness is observed. For propane, ethylene and acetylene the transition
occurs at a fraction of around 5x10 4 . Carbonization with methane yields a substantially higher
value of the transition fraction, 4xl0-3 , as well as significantly thicker films. The overall
characteristic pattern is reproducible, with some variation in the actual value of the transition
fraction.

The morphology of films grown by ethylene and acetylene for hydrocarbon fractions
less than, equal to, or greater than the transition value is very similar to that observed with
propane growth [8] under similar conditions. Since methane appears to behave somewhat
differently from the other hydrocarbons, we will concentrate on the morphology of Si(' films
grown by CHI4 carbonization. The morphology of films grown with selected methane fract."s
is shown in Fig. 2. At low CH4 fraction (10-3), dendritic growth occurs, as shown in Fig.2a,
because the few nucleation sites present are widely separated and do not interact. At the
transition methane fraction (- 4x10- 3 ) a uniform and continuous film is observed in Fig. 2d,
along with the presence of voids in the underlying Si substrate. At the higher methane fraction
of 10-2, the average void size appears to decrease, while the film surface is considerably
thinner and markedly smoother. As in the case of propane carbonization [8] at high flow rates,
this can be ascribed to the high density of nucleation sites which result in the early formation of
a continuous SiC film, thus sealing the surface diffusion path for Si atoms from the substrate
and greatly reducing the subsequent growth rate.

10 4
13001C, 90 sec
50°C/sec I
0.9 Ipm H2
76 Trr

001

a,o.

0
i 10o --- -C3 He A O o o

I. C24 AV-•.•
- C2 H4

-I-C H4

101,0-4 1 0- 3  
10-2

Hydrocarbon Fraction In Total Gas Flow

Fig. I AP-RTCVD SiC film thickness as a function of hydrocarbon fraction.
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(a) 20 sccm CH4

0.9 .pm H 2

(b) 40 sccm CI-14
0.9 1pm H2

(c) 60 sccm CH4
0.9 1pm H2

(d) 100 sccm CH4
0.9 lpm H2

(e) 100 sccm CH14
0.4 1pm H2

Fig. 2 SiC surface morphology for methane carbonization at sever,- flow rates.
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Fig. 3 LP-RTCVD SiC film thickness as a function of hydrocarbon fraction.

In the case of AP-RTCVD growth, the film thickness uniformity is strongly affected by
the gas flow pattern inside the reactor. In LP-RTCVD growth, the SiC film thickness is
primarily a function of the temperature across the wafer and, therefore, exhibits superior
uniformity [9]. The film thickness vs. hydrocarbon fraction was obtained at 5 Torr. As seen in
Fig. 3, the overall characteristic is similar to that obtained with films grown at 760 Torn.
However, a substantial shift in the values of the transition fraction is observed for all
hydrocarbons. This was previously explained [9] for SiC LP-RTCVD with C3 H8 on the basis
that the propane fraction which will provide a density of C atoms on the growth surface at low
pressure comparable to that at atmospheric pressure has to be significantly higher to compensate
for the lower gas density in the chamber. It is interesting to point out that, while C3H 8 , C21-14
and C2 H2 have roughly the same transition fraction, (-5x10-4), for AP-RTCVD, the shift at low
pressure is to different transition values: 10-3 for acetylene, (3-4)xlO3 for ethylene, and
(0.5-1)x 10-2 for propane. The transition fraction for CH 4 at 5 Torr was not reached as it
required a methane flow rate higher than that available in the system.

The effect of temperature on the thickness of SiC films grown by AP-RTCVD with the
various hydrocarbon precursors is shown in Fig. 4. The flow rate of each precursor is chosen
such that it yields the transition value of the hydrocarbon fraction in the total gas flow. For
C3 H8, C2H4 and C2H2 carbonization, shown in Fig. 4a, two growth regimes are observed. At
higher temperatures, the same weak temperature dependence is seen for all three gases, yielding
an activation energy of 0.76 eV. The rate-limiting mechanism in this regime is the transport of
hydrocarbon reactant to the wafer surface. At lower temperatures the surface reaction rate
becomes the rate-limiting mechanism and a different activation energy is associated with each
gas: 1.2 eV for C2 H4 , 3.1 eV for C3H8, and 3.9 eV for C2H2. The transition temperature
between the two regimes is around 1175°C. Methane carbonization displays a single growth
regime (see Fig. 4b) over the temperature studied, with an activation energy of 2.5 eV.

Preliminary results obtained for the temperature dependence of the thickness at low
pressure using carbonization with propane and acetylene are shown in Fig. 5. The respective
hydrocarbon transition fraction at 5 Torr is used in each case.

SUMMARY AND ACKNOWLEDGEMENTS

SiC carbonization using RTCVD has been investigated with several hydrocarbon gases:
Cf- 4 , C3118 , C2H4, and C2 H 2 . The transition hydrocarbon fraction (for maximum film
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Fig. 5 LP-PTCVD SiC film thickness as a function of temperature.

thickness) for AI'-RTCVD is roughly equal for C3 H8, C2H 4 , and C2 H 2 with a value of
(5-6)x10-4, whereas it is significantly higher for CH4 , namely 4x10-3 . For LP-RTCVD at
5 Torr, the transition fractions for all hydrocarbons shift to higher values. Carbonization
activation energies were obtained for at 760 and 5 Torr.

The authors acknowledge the support of this work by the Edison Materials Technology
Center. Assistance in ellipsometry and other thickness rr.,asurements by G. Debrabander,
P. If. Yih and J. T. Boyd is greatly appreciated.
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ABSTRACT

3C-SiC layers were grown on Si(111) substrates by chemical vapor deposition
(CVD) using SiH 4 -CH 3 CI-H 2 gas mixture. 3C-SiC(111) heteroepitaxial layers were
obtained with smooth surfaces and reduced warpage. All the epilayers were n-
type, and the carrier density and Hall mobility were 2.1x10 1 6 -2.8x1 017 cm- 3 and
120-180 cm 2Ns at room temperature, respectively. Temperature dependences of
the electrical properties of the self-supported 3C-SiC(1 11) epilayers were
measured between 15 and 300 K for the first time. 3C-SiC(1 11) epilayers showed
a similar temperature dependence of carrier density to 3C-SiC(001) heteroepitaxial
layer. Hall mobility was maximum (-360 cm 2Ns) around 100 K.

INTRODUCTION

3C-SiC is a promising semiconductor for electronic devices operating at high
temperature, high power, and high frequency because of extreme thermal and
chemical stability, wide energy band gap (2.2 eV), high saturated electron velocity

(2.5x10 7 cm/s) and high electron mobility (800 cm2 /Vs).
3C-SiC(001) heteroepitaxial layers have been prepared on Si(001) by CVD in

recent years [1]. The electrical and optical properties of the epilayers were studied
extensively [2,3], and electronic devices were fabricated such as diodes and field
effect transistors [4,5]. On the other hand, microcracks were observed in epitaxial
3C-SiC films grown on Si(1 11), and thermal stress in the 3C-SiC(1 11) epilayers
was calculated to be approximately twice as large as in the 3C-SiC(001) epilayers
[6]. Suzuki et al. obtained single crystalline 3C-SiC epilayers grown on Si(l 11) by
the formation of 3C-SiC(1 11) oriented polycrystalline buffer layer using SiH 2 CI2 -
C 3Hs-H2 gas mixture at low temperatures (1273-1373 K), but the epilayers were
reported to warp due to the lattice mismatch [7]. Furumura et al. reported the growth
of 3C-SiC on Si(1 11) by low pressure CVD using SiHCI3 -C 3 H8 -H2 gas mixture
without the formation of the buffer layer, and showed single crystalline 3C-SiC
layers to be grown on off-axial Si(1 11) substrates [8]. Tachibana et al. reported
electrical properties of 3C-SiC(111) epilayers grown by CVD on 6H-SiC(0001)
crystals prepared by the Lely process 19]. However, the electrical properties of 3C-
SiC(1 11) heteroepitaxial layers have not been investigated well in comparison to
the 3C-SiC(001) epilayers, because of cracks and/or warp of the 3C-SiC(1 11)
epilayers due to the internal stress.

In the present paper, we report the heteroepitaxial growth of 3C-SiC on Si(111)
by two-step CVD method to form a carbonized (buffer) layer using methylchloride
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(CH 3 CI)-H 2 gas mixture and to grow a 3C-SiC layer using SiH 4 -CH 3CI-H 2 gas
mixture. The temperature dependences of the electrical properties of the self-
supported 3C-SiC(1 11) epilayers are presented for the first time.

EXPERIMENTAL PROCEDURE

3C-SiC layers were grown on Si substrates by CVD system with cold-wall type
reactor, which was previously evacuated to the pressure of 3xi0. 5 Pa. SiH 4 and
CH3Cl, diluted with H2, were used as source gases for Si and C, and H2 purified by
Pd-Ag alloy cell and HCO were used as carrier and etching gases, respectively. The
flow rates were regulated by mass flow controllers. Substrates were 30 mm x 70
mm x 415 lum Si wafers with just orientation of (111). Si substrates were put on
SiC-coated graphite susceptor, 70x80x15 mm3 , which was heated inductively by
200 kHz RF generator. The temperature was measured by a pyrometer viewing
through a quartz window.

Prior to the growth, the surface layers of Si substrates were etched by HCI-H 2
gas mixture at 1473 K for 3 min, and carbonized by CH 3 CI-H 2 gas mixture. The
substrate temperature was ramped to 1573 K at about 500 K/min, and held at 1573
K for 2 min in the carbonization process. Thereafter, a SiC layer was grown on the
carbonized layer using a SiH4-CH 3 CI-H 2 gas mixture at 1623 K. Typical growth
conditions are summarized in Table I. 3C-SiC layers for the evaluation of
crystallinity and morphology were grown for 30 min, and those for the measurement
of electrical properties and wafer warpage were grown for 180 min.

The surface morphology and thickness of the epilayers were evaluated by
means of scanning electron microscope (SEM). The surface roughness and wafer
warpage were measured by surface profile measuring system. Reflection high
energy electron diffraction (RHEED) was used for the crystallographic analysis.

The electrical properties of the self-supported 3C-SiC(111) epilayers, which
were obtained by remoing the Si substrates with a HF-HNO 3-H20 (7:9:13) solution,
were measured using the van der Pauw method at temperatures between 15 and
300 K. Ti electrodes were used for the ohmic contacts without thermal annealing.
The temperature of the sample was monitored by Pt resistive thermometer.

Table I. Typical conditions for heteroepitaxial growth of 3C-SiC layer.

Process Reaction Gas Flow Rate (sccm) Temperature (K)

HCI 95Etching H2 10000 1473

1%CH3CI/H2 500
Carbonization H2 8000 1573

1%SiH4/H2 210
Growth 1%CH3CI/H2 500 1623

H2 8000
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RESULTS AND DISCUSSION

Figure 1 shows the SEM image of 3C-SiC layer grown on Si(111) substrate
under typical growth condition shown in Table I. The surface of the layer was very
smooth (about 5 nm in arithmetic average roughness) and the thickness was about
1 Aim according to the SEM image. Figure 2 shows the RHEED patterns of the 3C-
SiC layer in the [110] and (112] incident azimuth. Streak patterns with Kikuchi lines
were observed, which indicated that the obtained layer was single crystalline 3C-
SiC epitaxially grown on the Si(1 11) substrate. Reconstructed structure pattern (3x)
was clearly recognized in the [112] incident azimuth.

Si substrate warped as a concave surface after heteroepitaxial growth of 3C-
SiC( 111) layer. Figure 3 shows the wafer warpage, which was measured as a
height from the center of the wafer, after the 3C-SiC(1 11) epilayer 5 AIm in thickness
was grown under typical growth condition. Furukawa et al. reported reduction of
wafer warpage of 3C-SiC grown on selectively-etched Si(1 11) substrate using
SiH4 -C 3 H8 -H2 gas mixture [10]. The wafer warpage of our sample was reduced
more in comparison to their results. Figure 4 shows SEM and optical micrograph
(OM) images of the carbonized layer formed on Si(1 11) using CH 3 CI-H 2 gas
mixture at 1573 K for 2 min. In the carbonization process, voids were formed under
the carbonized layer and were observed as the white triangular region in the OM

Substrat

Fig. 1. SEM image of the 3C-SiC layer grown under typical growth condition. Voids
are observed under the 3C-SiC layer.

Fig. 2. RHEED patterns of the 3C-SiC layer grown under typical growth condition.
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image. The formation of voids reduces the contact area between the epilayer and
substrate, which may decrease the internal stress in the epilayer. Therefore, the
reduction of wafer warpage is considered to be due to the formation of voids under
the epilayer.

(C) 
8

•6

(b) 4 L..

(a)

-3 -2 -1 0 1 2 3
Distance (mm)

Fig. 3. (a) Wafer warpage after the 3C-SiC epilayer 5 gm in thickness was grown
under typical growth condition. (b) and (c) are data obtained for the samples
grown on selectively-etched and non-etched Si(111) substrates using SiH4-
C3H8-H2 gas mixture [10].

Fig. 4. (a) SEM and (b) optical micrograph images of carbonized layer formed using
CH3CI-H2 gas mixture at 1573 K for 2 min. Voids, observed as the white
triangular region in (b), were formed under the carbonized layer.

Table II. Electrical properties of the 3C-SiC epilayers grown under several growth
conditions.

Sample Flow Rate of 1%CH3CI (sccm) Thickness Carrier Density Hall Mobility
Carbonization Growth (Pim) (cm-3) (cmn2Ns)

A 500 500 6.5 2.2 x 1016  150

B 500 500 4.3 2.8 x 1017  120

C 1000 500 4.5 1.5 x 101 7  180

D 700 600 6.5 2.6 x 101" 145

E 700 700 5.7 2.1 x 1017 26
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All the 3C-SiC(1 11) epilayers showed n-type electrical conduction. Table II
summarizes carrier density and Hall mobility at room temperature obtained for the
epilayers grown under several conditions (flow rate of 1%CH3CI/H 2 was varied).
The epilayers with high Hall mobility (120-180 cm 2Ns) were transparent with a
light yellow color, but sample E with low mobility (26 cm2Ns) was opaque, although
the carrier density of sample E (2.1x10 17 cm- 3) was comparable with the others. It
seems that a smaller Si/C ratio in the reaction gas than 0.3 is not suitable for the
heteroepitaxial growth of 3C-SiC(1 11) using the present gas mixture.

Figure 5 compares the temperature dependence of carrier density and Hall
mobility of the 3C-SiC(1 11) epilayers with those of the 3C-SiC(001) heteroepitaxial
layer grown using SiH 4-C3 H8 -H2 gas mixture [11]. Since 3C-SiC(111) epilayers
showed a similar temperature dependence of carrier density to 3C-SiC(001)
epilayer, the activation energy of residual donors may be almost the same as the 20
meV estimated for 3C-SiC(001) epilayer [2]. Therefore, the residual donors in the
undoped 3C-SiC(111) epilayer are considered to have the same origin as the 3C-
SiC epilayer, and to be highly compensated by residual acceptors.

On the other hand, Hall mobility of 3C-SiC(1 11) epilayer was lower than that of
3C-SiC(001) epilayer and had a maximum (-360 cm2Ns) around 100 K within the
present experiment, even though the growth conditions of 3C-SiC(1 11) epilayers
were not optimized yet. Hall mobility seems to be limited by phonon scattering
above 200 K and ionized impurity scattering below 80 K, according to the
comparison with the temperature dependence of the Hall mobility of 3C-SiC(001)
epilayer [2].
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Fig. 5. Temperature dependence of (a) carrier density and (b) Hall mobility of 3C-
SiC(1 11) epilayers. A, B, C, and D denote the samples listed in Table II. Data of
3C-SiC(001) epilayers grown on Si(001) substrate using SiH4-C3H8-H2 gas
mixture [11 ] are also plotted for comparison.
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CONCLUSION

3C-SiC(1 11) layers were grown on Si(1 11) substrates by CVD using a SiH4-
CH3CI-H 2 gas mixture. 3C-SiC(111) heteroepitaxial films were obtained with
smooth surfaces and reduced warpage. All the epilayers were n-type, and the
carrier density and Hall mobility were 2.1X10 16-2.8x10 17 CM- 3 and 120-180
cm2Ns at room temperature, respectively. 3C-SiC(1 11) epilayers showed a similar
temperature dependence of carrier density to 3C-SiC(001) epilayer. The Hall
mobility of 3C-SiC(1 11) epilayers had a maximum (-360 cm2Ns) around 100 K.

In order to investigate the electrical properties of 3C-SiC(1 11) epilayers further,
both optimization of growth condition and high-temperature measurement of
electrical properties are required. Estimation of internal stress in the 3C-SiC(1 11)
epilayer is also awaited to discuss the reduction mechanism of water warpage in
detail.
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ABSTRACT

Stoichiometric films of 3C SiC, 50 to 1000 nm thick were deposited on Si wafers by laser
ablation of ceramic stoichiometric SiC targets. Films grown at substrate temperatures above
10000 C on [001] and above 9000 C on [111] show orientation epitaxial to the Si substrate
along the film normal. Depending on the deposition conditions, the oriented crystallite
dimension along this direction ranges from 20 nrn to over 100 nm. The crystallite dimensions
in the film plane range from 20 to 70 nm. Raman spectra show the expected TO and LO lines
from SiC but indicate that the films sometimes contain other material, for example (30 to 50
A) graphitic inclusions or small amounts of polycrystalline silicon.

Introduction

Wide gap semiconductors such as SiC are of interest as materials for electronic devices
in high temperature and harsh environment applications. The most successful technique so
far for the growth of SiC films is that of chemical vapor deposition (CVD). Reaction of SiH 4
with C3 H8 in a hydrogen flow over a Si substrate held at 14000 C can result in epitaxial growth
of a 3C (cubic) SiC film. [1-6] The CVD techniques require very high substrate temperatures
for single crystal growth, which can lead to film contamination and hydrogen incorporation.
Although oriented crystallite growth of SiC on Si by CVD has been reported at 11500 C [3,4]
the development of other lower temperature methods is desirable. Sputtering has produced
polycrystalline or amorphous films at lower substrate temperatures, in the absence of
hydrogen.[7] Since 1988, laser ablation has been used for the deposition of high-quality, high
Tc superconducting oxide films. In this method a high density plume of energetic particles is
generated from the target in a very short time interval, reproducing the target's stoichiometry
on the film and favoring oriented film growth at relatively low substrate temperatures. Balooch
et a/.[8,9] have reported the preparation of polycrystalline 3C SiC films on a (0011 Si substrate
at 8000 C by laser ablation of a SiC target. In a recent communication we have reported the
deposition by laser ablation, at 193 nm, of thin oriented films of SiC on Si wafers at somewhat
higher temperatures (1000 to 10700 C).110] Here we describe the deposition by laser ablation
of epitaxial cubic (3C) SiC films on Si wafers at temperatures in the 900 to 11 50°C range.
These films were characterized by X-ray diffraction, selected area transmission electron
diffraction and microscopy and by Raman spectroscopy.

Sample Preparation

The films were deposited inside a stainless steel vacuum system pumped by a turbo-
molecular pump to a base pressure of 5x10-6 torr. Radiation from an excimer laser of
wavelength 193 nm (ArF) or 351 nm (XeF) was focused near the surface of the target where
it illuminated a 1 x5 mm rectangle with approximately 450 incidence. The pulse energy at the
target could be adjusted between 100 and 400 mJ corresponding to fluences from 2 to 8
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J/cm2 .Ceramic SiC targets were used. The
substrate to target distance was varied
betw,)en 5 and 7 cm. 400 bil.tm

The substrates were pre-etched to
remove hydrocarbons and native 11
oxide.[10] During deposition the substrate
was heated radiatively across a small (-I1
mm) gap by a resistive boron nitride
coated graphite heater (Union Carbide
Boralectric) inside a tantalum radiation 9- .......
shielded furnace. The deposition window 28. degre e

was a 2.5 cm square. The substrate
temperature was measured with an IR
pyrometer, through a sapphire window.
Only the initial temperature could be 46 42 38 34 44 40 36 32
accurately obtained from the pyrometer 28. degrees
readings, as optical interference effects in
the growing film produce an output from
the pyrometer (responding to wavelengths Figure 1 X-ray reflections for (a) [111], (b) and
near 1 pm) that oscillates with deposition (c) [0011 substrates deposited at 11450 C; (d)
time. This effect provides a means of 1001] at 10000 C; (e) [111] at 9000 C.
gauging the film growth.

The deposited films had elliptical
constant thickness contours, as shown by
their light interference patterns, with the 1400 - [00111075'C. 193nmn
long axis perpendicular to the large o [00111145 C 351nm
dimension of the illuminated area on the 1200 v [111]1075 C

target. Film thicknesses were measured 2 0 [11111145 C
with a stylus profilometer near the edge V ,ooo
defined by the (shadow) masking from the
front radiation shield. To determine the film

Z 800thickness near the center of the plume o
deposition runs were performed with a Z/60

contact mask made out of tantalum foii o
yielding a sharp edge in the desired area. 0
Film thicknesses could also be estimated
by counting interference fringes from the
npeasu,,O ec!e. Thc depuviiion ratea 00 10 20 30 40 5 6'0 70
derived from such data will be discussed
below. DEPOSITION TIME (Min)

Figure 2. Dependence of crystallite dimension
on deposition time and temperature, 200 mJ

Film Characterization pulses, 5 Hz.

Auger spectroscopy showed that
target and film had the same stoichiometry. This was verified by testing some non-epitaxial
films deposited from non-stoichiometric targets.

Figure 1 shows examples of X-ray diffraction data from "9-29" angular scans such that
the wavevector transfer is normal to the plane of the film. The diffraction peaks observed in
this scanning geometry are characteristic of spacing between atomic planes parallel to the
film. For films deposited on [0011 Si, (traces b 0nd c) the lines corresponding to the 200 (20
= 41.60, spacing d =2.18 A) and the 400 (2e = 90.50, d= 1.09 A) reflections are visible, whereas
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the 111 reflection (29=35.70, d = 2.52 A) is
absent. The reverse is true for films grown
on [111] Si (trace a). This is as expected
for epitaxial films of cubic (3C) SiC and is . [til
consistent with the fact that the 3C is the 0

stable polytype at these relatively low l o10 70 7 [001]

substrate temperatures. The films that •
exhibit the sharpest diffraction lines are Y

those deposited at the highest substrate
temperatures (above 10500 C for films on 1,
[001] Si and 900( C for [111 ] Si). The dif- Y
fraction line broadening at the lower tem- '-

peratures is illustrated by traces d and e inFig. 1. 07e

From the width of the diffraction lines 1o'
one can deduce the dimension of the " .1
crystallites in the direction normal to the 6 7 8 9 10

substrate plane. This dimension depends 10000/(TEMPERATURE, K)

on factors such as deposition time, Figure 3. Temperature dependence of filir
substrate orientation and temperature as thickness for 60 min. deposition.
illustrated by the data plotted in Fig. 2. The
data in this figure were obtained with a
pulse repetition rate of 5 Hz and an 1200 0
approximate pulse energy of 200 mJ at the * [0011
target. The [001] results at 10750 C were '7 [fi]
from ablation with 193 nm (ArF) radiation " 000
at a target-substrate separation of 5 cm, all "
others with 351 nm (XeF) radiation and 7 8o0
cm target-substrate separation. Under zthese conditions the deposition rates for 0_ 6o0 4
comparable substrate temperatures were z
approximately the same for the two - ,
wavelengths. Due to the much larger o V S
propagation loss, window and lens V7

transmission loss and beam divergence for 200 V
the 193 nm radiation, most of the '00 l200
experiments were performed with 351 nm
radiation, and no major differences in the
results with wavelength change were Figure 4. Crystallite size as function of
detected. The larger error bars for the temperature for 60 min. deposition.
larger crystallite dimensions are a reflection
of the larger uncertainty in making the instrumental linewidth correction for the narrower lines.

Figure 3 shows average film thickness as a function of the inverse of the absolute
temperature of the substrate for the same deposition time. It was verified that the film
thickness is indeed proportional to deposition time, at least for 200 mJ laser pulses at 5 Hz.
Thus the data of Fig. 3 yield deposition rates of 0.05 to 1.0 A/pulse. Fig. 4 shows the
dependence on deposition temperature of the crystallite dimension along the film normal, for
a deposition time of 60 min. This same crystallite size is always less than the film thickness,
although for the [1111 films deposited near 10500 C they are within a factor of 2 of each other.
At the highest deposition temperatures the crystallite size for the [111] films reaches 1200A
whereas it only reaches 600A for the [0011 films. The increase in crystallite dimension with
deposition time and temperature might be due partly to annealing.

Figure 3 shows that above 10001 C the deposition rate increases rapidly with substrate
temperature indicating perhaps the onset of a thermally activated process. For the [111] films
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there is a minimum in the deposition rate near 9000 C; the decrease in rate with increasing
temperature, below 9000 C, might be related to reactive reevaporation in the presence of the
residual gases in the system (6x10.6 to 5x0 0 5 torr). Rate data for [001] films below 10000 C
is not shown, as these films did not show any SiC signature in the X-ray scans.

Increased laser fluence above that corresponding to 200 mJ pulses appears to increase
crystallite size slightly for the 1001] films only, and then only at 193 nm. At 351 nm increased
laser energy resulted in roughening of the film surface and eventual local peeling of the film.
Lowering the energy below 200 mJ decreased the crystallite dimensions as well as the
deposition rate.

Information about crystallinity within the film plane was obtained from transmission
electron diffraction on back-thinned specimens prepared by standard procedures. Selected

[i111 Eoo11

Figure 5 Selected area transmission electron diffraction of SiC on [1111 and [001] Si in
areas with both film and substrate present.

area diffraction patterns presented in Fig. 5 show that the 3C SiC films grow epitaxially on the
Si substrate, the [001] film on the [001] substrate, the [1111 film on the [111] substrate, with
the {220} planes of the film and substrate parallel to each other. Double diffraction causes
satellite spots around 220 reflections in both types of films. Weak reflections due to other
orientation variants are present in Fig. 5 and increase in the thinner areas of the [111] films
(near the surface). Twins have been identified also in the thin areas of the [001] films. The in-
plane grain dimensions are 30 to 70 nm for both films as derived from TEM micrographs.[1 0]

Further information about these films can be obtained from their Raman spectra.[ 11,12]
For the very thin films grown at low temperatures, the spectra are dominated by the Si sub-
strate. To enhance the SiC contribution from these films, we subtracted from each spectrum
a suitably scaled spectrum from the bare substrate.[10] For the films grown at higher temper-
atures this was not necessary, as shown in Fig. 6 for a film deposited at 1145 'C for 60 min.
The top trace (a) in this figure is from the thickest part of the film (d - 1 gm) near the edge
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of the mask. The SiC TO (796 cm"1 ) and
LO (973 cm") modes [111 are clearly seen
and there is no significant interference from siC on Si[oo1
the Si spectrum. Note the strong, sharp
TO line in contrast to the much weaker (a)
and broader (- 50 cm"1 ) LO line. This d=1 urn

broadening may be the result of damping
by free carriers, which can substantially
affect the LO mode without affecting the -
TO.[13] The observed LO bands are too
weak for detailed shape analysis, but from
comparisons with the spectra observed ,O
and analyzed for much thicker CVD films '
we obtain an estimate of 5x10 18 cm3 for °
the carrier concentration in the p-type film (b)
of Fig. 6.[13] (

Spectrum 6(b) is from a spot - 1 mm d08 z

from the edge, where the film is - 1500 A
thinner than it is for 6(a). The Si spectrum (c) substrate
is clearly enhanced in the thinner region J
and that from the SiC is depressed. The 200 400 600 800 1000
thin-film interference effects, mentioned Raman Shift (cm-1)
above, that produce colored bands in
these films when viewed under white light Fig. 6. Raman spectra recorded with 50 mW
will also lead to a variation in Raman Fg 6. Raman ser reore with 5 mW
intensity with position. The changes power of 514.5 nm laser light using a SPEX
between the (a) and (b) spectra of Fig. 6, Triplemate and array detector system. (a) ishoweerarenot ausd slelyby hisshifted up by 4 tic marks for clanit. The full

however, are not caused solely by this scl yag s-12 onss
interference effect. The Si F29 peak at 520 scale range is -120 counts/s.
cm"1 in both (a) and (b) is significantly
broader than that from the substrate,
shown in Fig. 6 (c). In addition, these lines do not show the same dependence on
polarization and sample orientation as does the same line for the substrate. With s-polarized
laser light on a [001 ] surface the F2g mode extinguishes when both the incident and scattered
light are polarized along [100], whereas the F29 mode in (a) and (b) does not. We conclude
that the SiC film contains some unoriented Si inclusions and that the composition of the film
varies with position. From the increased linewidth, the size of the Si inclusions is estimated
to be - 20-30 A.[1 4] In some of the samples (not the one for Fig. 6) we also observed bands
near 1360 and 1600 cm-1, indicating the presence of small graphitic inclusions whose size we
estimate to be 30-50 A.[12,15] Similar results were obtained from films grown on [111]
substrates.

Concluding Comments

Epitaxial films of SiC, with thicknesses in the range of 100 to 1000 nm have been
deposited by laser ablation on both [001] and [1 1] Si substrates. The films grow epitaxially
on [111] substrates held at temperatures above 9000 C, whereas on [001] substrates they
grow epitaxially only above 1000' C. The crystallite size as measured by X-ray diffraction
increases with both deposition time and temperature, and tends to be larger for the [111]
films. This effect might be a consequence of annealing processes occurring in the already
deposited layers and which have lower onset temperature in the [111 ] crystallographic planes.
As in the case of CVD films, the epitaxial deposition rates have a marked temperature
dependence, increasing with deposition temperature. In the CVD case this is ascribed to a



554

thermally activated chemical reaction whereby the volatile Si and C carrier gas molecules
decompose at the deposition surface. Such a scheme would not be applicable to deposition
by laser ablation, if for no other reason, that the larger molecular fragments that may be part
of the ablation plume arrive at the target with very high kinetic energies corresponding to
temperatures much higher than that of the substrate. In the present case the explanation has
to be sought elsewhere. At the lower temperatures, where the [111] films are polycrystalline,
the deposition rate shows a decrease between 800 and 9000 C, which might be due to
reevaporation of some oxides formed on the growth surface in between laser pulses by
reaction with the relatively high pressure of residual gases in the system.

We thank our colleagues, W. Ping for the Auger data, C. Peters for discussions on
interpretation of X-ray diffraction data, H. Holloway for discussions on film growth processes
and R. Soltis for help with many experimental problems.
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IIETERO-EPITAXIAL GROWTH OF SiC FILMS BY CVD FROM SILANE, METHANE,
PROPANE, AND HYDROGEN MIXTURES

B.Bahavar, M.I.Chaudhry, and R.J.McCluskey, Center for Advanced Materials Processing, Clark-

son University, Potsdamn, NY

ABSTRACT

Epitaxial silicon carbide fihus have been produced on Si (100) substrates by CVD with

90% of the carbon supplied by methane and 10% by propane as compared to IOU% by propane

(or 100% by any carbon source more reactive than methane). This implies a methane to Propane

mole ratio of thirty. Among possible carbon gases, nmethane is the purest couunercially available
hydrocarbon source, But methane has not been conunonly used for growth of silicon carbide due

to its low chemical reactivity. Our process desnonstrates the feasibility of achieving high SiC

growth rates while using a carbon source that is predossdnantly methane. We have established

that silicon carbide films grown at 1350 'C in a CVD reactor using the above carbon source ratio

results in quality siigle crystalline films a, siifflar growth rates and lower carrier concentrations

than flihs grown from propane and silane.

The main tools used to characterize the grown filns are X-ray and electron diffraction.

optical microscopy, surface profilometry, Hall molbility measurements, and thickness mueasare-

issent s.

INTRODUCTION

Silicon carbide (SiC) is a wide band-gap semiconductor material with many attractive

features. High thermal conductivity and excellent physical stability favor silicon carbide for

applications in high-tempsprature devices. In particular, 3-SiC (cubic or 3C-Si(') seems to be

the most suitable for this purpose, owing to its high electron mobility with values up to 800

cm
2

/Vs. Preparation of single crystals by chenmical vapor deposition (C VD) has been an active

research area since the annousceiment of a "buffer layer" techidque [1, 21 which permits tile
epitaxial growth of /3-SiC atop sil;con substrates. Briefly, in this two-step 13-SiC CVD process.
the buffer or initial layer is first deposited by reacting the Si substrate with a hydrocarbonm gas.

This is accomplished by flowing a dilute mixture of the hydrocarbon in H 2 over the substrate

as its temperature is ramped (-40 °C /s) from rooum temperature to the growth temperature
(1330-1380 "C ). The first step is also called the carbonization step where the Si surface layer

of the substrate is converted to a /-SiC layer. The second step involves the homo-epitaxy of
/3-SiC on the initial layer using a dilute nmxture of the hydrocarbon and SiH4 in H2 . Tile

choices of hydrocarbon include C3 H8 [1, 3, 4), C113 C0 14, and C 2H 4 [&I while ('H4 [6, 7. 81 is

observed to produce little if any deposit.

The sucessful use of ('114 as an alternate source of carbon presents a challenge in umner-

standing the surface chemistry involved in the growth process of ,-Si( ' on Si substrates [8. 9t.
In the present paper we report the hetero-epitaxial growth of .3-Sit on Si) 100) by the two-step

CVD method to form the /3-SiC buffer layer using the H, ('1l8 Sil14 gas Systel" k"nd the

growth of 13-SiC bulk layer using the H2 - ('114 - ('3H - Sill 4 , H2 - (1H4 - Sill 4 , and

H2 - C3 Hs - Sill4 gas systemmus.

Mat. Res. Soc. Symp. Proc. Vol. 242. ý 1992 Materials Research Society
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EXPERIMENTAL

3-SiC films were grown on Si substrates using a cold-wall horizontal CVD reactor,

operated at atmospheric pressure. The reactor was a quartz tube with an inside diameter of

50mm and an inside length of 500mm. The Si substrate was placed on an RF-heated SiC-

coated graphite susceptor which was held by a quartz support. The temperature was measured

by an automatic pyrometer through a quartz window. Thme difference between the measured

and the actual substrate temperature was determined by melting a Si substrate under actual
growth conditions. Substrate temperatures in this document were corrected for the difference.

Typically, the measured T was 20-30 'C below the Si melting temperature of 1410±5 
0

C

Substrates were 33 nmi x 48 nun x 0.38 nun electronic grade (p-type) single crystal Si
with (100) orientation. To prepare t!he substrates for crystal growth the following sequence was

used: (i) blowing off the Si particles (produced during cutting) with dry argon, (ii) rinsing both

sides of the suhtrate with methanol (semiconductor grade) and wiping them with a kintwipe to
remove extra flne Si particles not seen by the unaided eye, (iii) etching tile substrate in a %5

HF solution (made from %49 HF stock and D.I. water) for 5 min to remove the native oxide.

If liquid drops were detected on the Si substrate upon removing it froim the HIF solution, then
steps (ii) and (iii) were repeated. There was no degreasing step in the above sequence since the

Si wafers and substrates were handled only with a clean kimwipe or tweezers.

CH 4 (99.9995%, MG Industries).and C3H8 (99.95%, MG Industries) were used as source

gases for carbon. SiH4 (99.995%, MG Industzies) and palladium purified H 2 (99.999%, Air

Products) were used as source gas for silicon and c.rrier gas, respectively. Tile flow rates were

regulated by electronic mass flow controllers (Tylan and Hastings).

After the substrate and susc,2ptor were positioned in the reactor, the native oxide oni
the Si substrate was removed by heating the substrate at 1200 'C for 10 min. An epilayer of

Si was then grown for ý nmn at 1050 'C . This silicon epilayer of about 0.2 jOn thickness was

found suitable for subseqient epitaxial growth of[3-SiC . Next, the Rf power was turned offand
the susceptor and substrate allowed to cool. After cooling for 3 nmin, the proper gas flows were

established for the growth of the /3-SiC buffer layer. An additional 1 min was allowed for the

new gas mixture to stabilize. The tenmperature of the susceptor was then ransped to about 1350
"*C (in about 33s) and held at that temperature. After 1 inn (time measured from the hegir ling

of the temperature ramp), all gas flows except for H 2 were diverted from tile reactor for I mnin

in r, ier to prepare the flow conditions for the bulk growth. Temperature was maintained at

1350 'C during this I irin purge and proper flow conditions were set for bulk growth. Following
the purge period, the stabilized reactant gas flows were directed to the reactor. Fr samples in

which buffer layer growth and bulk growth had identical gas flow conditions, the I mnn purge was

onlited. After the desired growth time had elapsed, all gas flows except for H 2 were diverted to
the exhaust and a 2 min purge period was sta_ ed. Finally, the RF power was slowly decreased
(-100 'C /min) to zero and the suscepltor and the substrate were allowed to cool to near room

temperature.

Table I summarizes the experimental conditions for the preparation of y-.SiC films. In
this table, samples designated BB used C3H8 as the sole carbon source, while saimiples designated

with an M used a mixture of CH 4 and C3 H8 or CH 4 only. The bulk layer growth time was in
the range of 5-120 min. Samsples having the same growth conditions in Table 1, differ only in

their growth time. Growth rates listed in this table are for the center of the samples. Samples
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for x-ray evaluation and mseasurenment of electrical properties were grown for 120 nu1n to provide

thicknesses greater than 4 jimn The samiples grown for 30 mtin or shorter time periods showed

color fringe patters which were indicative of layer thickness and thickness unifornsity. The surface
msorphology of the as-growil jlSiC epi-layers were investigated with a Nosiraski inicroscope. A

stylus type profilossieter (Dektak 11A, Veeco Instrumsenits) was used to measure surface roughuisess.

Thickness of samples grown for 30 msdn or shsorter were smeasured by visible light interferommetry.

Thickness of samples grown for 120 and 240 minS were mieasured by viewing the itmbedded

layer cross-section under ass optical islcroscospe. Structural quality of the crystalline layers was

evaluated by x-ray diffraction (Siemienss, Model D500) aisd selectedl area dliffractiotn (SAD) using

a transmissions electron microscope (JEOL, Model JEM-1200EX). The electrical characteristics

(Hall msobsility and carrier concentrations) of the 13-Si( layers were deternlined by muaking Hall
isseasurensents usinsg the van dec Pauw tecluiique at roomi temperature. Olusmic contacts were

msade Isy indiusm soldering of thin gold wires oin the layer surface.

Table 1. Experimsental conditions for epitaxial growth of ,3- SiC.

1Flow Rates for Buffer Layer Flow Rates for Bulk Growth JGrowth1
Sasmple (cc/snzus) 1Cr/mmil) Rate

112 C-sH8 CH4 -5iH4  l2 C 1l1 Cl?4 Sill 4  j(jun /hr)

ml 3000 0.0 1.08 0.56 3000 00M 1.0 0.56 0.0
M12 3000 0.00 1.952 1.00 3000 0.00 1.92 1.00 0.0

M 3. M 6, M 7, M 9 3000 0.64 0.00 1.00 3000 .064 1.92 1.00 2.9
N14, M8, M11 3000 0.64 0.00 t.00 3000 0.00 1.92 1.00 3.2

M5 3000 .064 1.92 1.00 3000 .064 1.92 1.00 2.9

131310, B11113 30001 0.64 0.0t0 1.00 3000 0.6-1 0.00 1t00 2.7

RESULTS

Amsong the five growths conditions for sammples MI-M10, only Nib and N12 failed to
produce any growths of /3.SiC . The surface. of the Si substrate in sample Mil was dotted with

isolated hazy squares with a side lenmgth of about 0.25 nun. Sample M12 also showed hazy squares

but with a side lengths of about 7 nun. Under our experimiental conditions, use of CH4 as5 the

only carbon source during thse buffer layer step does isot allow SiC fortsation. Furthermore,

samp~le M5 shows, indirectly, that a small addition Of (CHg during time initial thmermal ratsp
results in growth of a )3-SiC' buffer layer. Visual comparison of samplles M3-M 10 indicated the

superiority of' sammples (M3, NIG, M7, ,nd M9) groan wit bout mmethsane during the buffer layer

and with souse propane during bulk growth. We will select sasmples M46 and M17 for comparing
3.5 iC single crystals grown with 90% of the carbon sousrce as ('H 4 with samuples Blilt and

BB 13 grown using C3 Hj as the only source of carbson.

Figure I shows Nommraski phlotommirrograplihs for surface mourphiologies of samp~lmes N1 7

and 81110, both grown for i25) nin. The average r~mtglness ssmea~usredl by a stYlus lsroliloineter
was 13o) A for sample hBBtO while that of N17 wa-. 23r, i\. O~ur protlometer gave aim average

roughness of 51 A for the surface 'f tfhle utitreated Si substrate. The crystal qusalityV of samples

MT7 and B13110 were exammined by mneasurinig thle full widths at half msaximium (FNVIIM) of x-ray

rocking curves. Rocking curve measurements for the epitaxial layers were rarried out useing

CuKcs lines at 20- 11.40~' for (200) peak amsd 203 89.90" for (400) pseak of d3.SiC . Tabule 11
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shows the FWHM values for the two peaks of 3-SiC samples M7 and BBLO. These FWHMs

were considerably broader than 0.0340 from the (400) diffraction peak of the Si substrate with

the same inst -uniental conditions. Thus, the resolution of the x-ray experimental setup was

adequate for be analysis of the crystallinity of the grown layer even without a douhle-crystal

diffractometer (DCD). It is clear from Table II that the two samples are almost identical in their

overall crystal quality.

The electrical properties of the two samples are sununarized in Table III. The Hall mea-

surenments resulted in values for llalJ mobility, pH, layer resistivity, p, and carrier concentration,

n.

Table II. FWHM of x-ray rocking curves M7

of 0-SiC (200) and (400) peaks.

Sample J Thickness FWHM of FWIIM of

(pm) (200) peak (400) peak

M7 5.0 0. t14W 0.101.

B1310 5.4 0.1130 0.1030

Table III. Electrical properties of mn-type
O3.SiC layers at room temperature.

fSamsple A JH Pa~~
_______ [(cnm2

/V.s) (.cnm) (mnm-
3

)

M7 303 0.43 4.38 x 10 :6 Figure 1. Nomarski nmicrophotograplhs of the

BB1O 344 0.22 7.61 x 10 6 as-grown surfaces of samples M7 and BB I0.

For deternmination of the crystalline state of the two saumples we had to use samples

BB t3 and M6 which had the same growth conditions as BB t0 and M7, respectively, but were
thinner, making them suitable for transmission electron diffraction analysis of the SAD method.

Figure 2 shows the spot patterns for these two sampsles. It is clear that both samples are single

crystalline.

N16 BB13

Figure 2. Transmission electron diffraction patterns of samples M6 and BB13. The spot pattern

shows the single crystalline nature of the 13-SiC films.



559

DISCUSSION

An important finding of this study is the utilization of CH 4 in the bulk growth of 3-SiC
layers on a 13-SiC' surface. An equally important and interesting result is the insight this study
provides for the growth mechanism of the buffer layer or the carbonization of the Si surface.

These findings caln be better understood by considering the bond energies (Table IV) needed

for radical species production for the various carbon sources used in the growth of O-SiC on Si

substrates [11].

Table IV. Bond energies of several carbon sources

used in the growth of 0-SiC on Si substrates.

Molecule I Radicals I Bond energy (Kcal/mmol)

CH4  CiH3 +H. 104
CH3CI C, 3 4 C1n - 83.5
C3 H C 2H 5 - +CH 3 - 85

Stinespring et al., in their experimental and theoretical study of the H 2 - C3Hs - SiI 4

growth system of f3-SiC , determined that the formation of a SiC deposit at low temperatures

is critical since it prevents substantial evaporative losses of Si from the substrate [8]. They
determined that C3 H8 produces reactive radical species at about 900 *C . Ikoisa et al. reported
the growth of /3-SiC using the H 2 - CH 3CI - SiH 4 system with similar results to that of the

H 2 - C3H8 - SiH4 system [4]. It is evident from Table IV that both C 3H8 and C'H3('I are
suitable carbon sources to carbonize the Si substrate at a relatively low temperature. Saumples

Ml and M2 show that CH 4 fails to carbonize the Si substrate. However, when tIme buffer layer
is formed and the Si out diffusion is capped, the 112 - CH4 - Sill4 systenm by itself is capable of
producing 13-SiC bulk layers with growth rates comparable to those of the H 2 - C'3H 8 - SiH4
and H-. - CH3C l - Sill4 systems. This agrees with the fact that CH 4 becomes reactive at about

1200 'C [11]. Our prelinfinary findings, however, suggest that a small addition of C3Hs to CH 4

improves the crystal quality of the bulk 13-SiC layer. Further studies are needed to investigate

other growth paramneters, such as gas ratios [5], in the H 2 - CH 4 - Sill4 system in order to make

a more accurate conclusions about the crystal quality. Thus, sample M7 reperesents the buffer
layer growth by the H 2 - C3 Hs - SiH4 system and bulk layer growth by H 2 - CH 4 - C3 Hs - Sil 4
system where methane to propane mole ratio is thirty.

The 3-D growth pattern on the surface of sample M7 can be qualitatively explained in
terms of surface mobilities. With CH 4 providing 90% of the carbon species for bulk growth, one

would expect that potentially different surface moieties (i.e., precursors to the final SiC reaction
product) can lead to different sticking coefficients, nucleation, and growth mechanisms [8, 10].

CONCLUSION

O-SiC epitaxial filims were grown on Si (100) substrates by the two -step (ND growth
where buffer layer is formed by tile 112 - (C,115 -SiH4 system, anmd the bulk layer is l'iruied by the

H 2 - C'H 4 -C'3H 8 - Sit 4 where the methane to propane mole ratio is thirty. It is deternmined that
the small ammount of C(3 H8 improves the crystal quality. It may be possible to further decrease

the content of ('3118 without compromising the crystal quality. The grown layers are single

crystalline and have the same overall crystal quality to layers grown by the H 2  ('33H8 - Sil 4
system in this study. The electrical properties of the layers grown by the two gas systems are
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similar. It is determined that methane as the only carbon source is not capable of carbonizung
the Si surface. However, methane as the only source of carbon is sufficient for growth of bulk

03-SiC layers on a SiC surface. This sensitivity of methane to the surface is explained in terms
of the substantial evaporative losses of Si from the Si substrate at temperatures around 1200 'C

where methane may still be a stable molecule and hence not able to cap the Si surface.
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ELECTRICAL PROPERTIES OF THERMALLY GROWN SiO,-SiC INTERFACES
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ABSTRACT

Fabrication processes of metal-oxide semiconductor (MOS) capacitors on n-type, Si-face,
6H-SiC were studied. The effects of thermal oxidation conditions at temperatures between 1100
and 1250'C on the electrical properties of MOS capacitors were determined. The wafers were
annealed under argon to improve the C-V characteristics. C-V characteristics of AI-SiOQ-SiC
metal-oxide-semiconductor were measured at high frequency in the dark and under illumination.
In the dark inversion does not occur, probably owing to the absence of minority carriers due to
the large band gap of 6H-SiC. The accumulation, depletion, arid inversion regions were clearly
observed when the C-V measurements were made under illumination for both wet and dry
thermally grown oxides. The interface trap densities and emission time constants of fast states
were determined by ac conductance measurements. From the analysis of data we obtained a total
of fixed charges and the slow interface traps, N, + N_,_ of 1.5 to 3.3 x 10" cm 2 , fast interface
trap densities, N,,F.,,t of 0.5 to 1.7 x 10" cm' eV' and emission times constant of 0.3 to 1.4 /sec
for wet oxidation. For dry oxidation, Nf + N,,,, of 3.5 to 11.2 x 10" cm', N,,,,.,, of 0.7 to
1.25 x 1010 cm-' eV1 and emission time constants of 0.6 to 2 'osec were obtained.

INTRODUCTION

Silicon carbide has been known for many years to have excellent physical and electronic
properties which should allow production of electronic devices that can operate at significantly
higher temperatures compared to devices produced by Si or GaAs. The most important
properties are its wide band gap energy (2.9 eV for 6H-SiC at room temperature), chemical
stability even at several hundreds of degrees Celsius [11], high thermal conductivity (4.9 W/cm-K)
[2], high breakdown electric field (2 x 10' V/cm) [3], and high saturated electron drift velocity
(2.0 x 107 cm/sec) [4]. Due to these electronic and physical properties, silicon carbide will be
a useful material for high temperature, high frequency and high power electronic devices [5].
SiC can be used for optoelectronic devices in the visible (blue) and ultra-violet wavelength
regions. SiC based electronics have potential aerospace and space applications 16]. The
dt 'elopment of SiC electronics has been limited due to the difficulty in growing high-quality.
large-area crystals. In the past decade, significant progress has been achieved in the crystal
growth techniques such as liquid-phase epitaxy [71, chemical vapor deposition [8-91 and seeded
sublimation techniques [10].

The metal-oxide-semiconductor (MOS) structure is the heart of present day electronics.
A better understanding of the electrical properties of the SiC MOS structure is of great
importance to device operation. Capacitors on both 6H (hexagonal) and 3C (cubic) SiC with
thermal oxides have been reported from Kyoto University [11-13). There is also a report of
capacitors on CVD 3C-SiC with wet thermal oxides utilizing mercury-probe contacts [141. But
all these reports dealt with wet oxidation only. This study of MOS capacitors examines both wet
and dry oxidation processes and their effect on electrical characteristics. The ac conductance
measurement was also used to get accurate information about the interface trap densities and
emission time constants.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Thermal oxide layers were grown on n-type, Si-face, 6H-SiC substrates with (0001)
orientation and the electron carrier concentration of - loll cm

3 . A typical sample size was 0.5
mm in thickness and I cm2 in surface area. Before oxidation, the wafers were cleaned with
organic solvents, dipped in HF acid for several minutes to remove the oxide layers initially
present, and rinsed in deionized water. The sample was oxidized by both wet and dry oxidation.
The dry oxidation was carried out by exposing the SiC to 1 /min of dry 02 at 1200-1250'C for
2-5 hours in a horizontal tube. The wet oxidation was conducted at 1100-1250°C for 0.5-3h in
an oxygen flow of I I/min, which was passed through deionized water at 90'C. After the
growth of oxide, all the samples were annealed at the temperature at which oxide was grown for
30 min in an argon flow of I f/min. Oxide was etched from a portion of SiC (Si-face) to make
ohmic contacts. Selective deposition of A] metal dots with 0.75-1.5 mm diameter were
evaporated on both the oxide and the SiC to define field-plates and contacts.

RESULTS AND DISCUSSION

C-V characteristics of the MOS structures were measured at frequencies from 100 Hz to
I MHz both in the dark and under illumination (275 W Sears sun lamp). However, the
capacitance data presented in this paper were taken at 1 MHz because the C-V characteristics
showed very small frequency dispersion under light and dark conditions. As can be seen in Fig.
l(a), MOS structures prepared without argon annealing showed an accumulation only during the
first C-V measurement under illumination. No accumulation region was observed in these
samples during subsequent C-V measurements at 1 MHz, both in the dark and under illumination
as shown in Fig. l(b). Figure 2 and Fig. 3 show the room temperature experimental results
measured with 50 mV ac probe signal at 1 MHz for samples prepared by wet and dry oxidation.
The measured C-V behavior was corrected for the series resistance 115] of the devices. There
was no significant difference between the measured capacitance, Cm, and the corrected
capacitance, C,.

250

(a) Cc, Cm

220

(. b)

LIGH~T

150 DARK

-20 -15 -;0 -5 0

BIAS VOLTAGE (V)

Fig. I C-V characteristics of the sample prepared by wet oxidation at 1200'C for 60
minutes without argon annealing (a) First measurement (b) Second measurement.
Sweep rate was 10 mV/sec. in Light and 2 mV/sec. in dark.
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The C-V curves under illumination clearly showed accumulation, depletion and inversion.
In the dark the C-V characteristic in the accumulation and the depletion regions were almost the
same as those under illumination. On the other hand, as negative bias increased, the capacitance
in the dark continued to decrease even at the bias corresponding to the inversion region under
illumination. The theoretical curve under nonequilibrium conditions is generally calculated for
the case where minority carriers can't accumulate near the surface even in the bias range
corresponding to inversion, so that the depletion layer spreads deeply into the semiconductor bulk
[16]. The experimental curve in the dark can

250

Cm, Cc
2o2

is1o t.[GHT "

U• 150
0-

130 DARK

100 1

-20 -15 -10 -5 0 5

BIAS VOLTAGE (V)

Fig. 2 C-V characteristics of sample prepared by wet oxidation at 1200'C for I hour with
argon annealing. Measurements were done both in dark and under illumination.
Sweep rate was 10 mV/sec. in light and 2 mV/sec. in dark.

200• 5"00

ISO CM , Cc : 0.30o

LIGH 30 C-)•
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-is -10 - 0 5 i

EIAS VOLTA'GE (V)

Fig. 3 C-V and G/(w vs. voltage characteristics of sample prepared by dry oxidlation at
1250°C for 2 hours with argon annealing. Sweep rate was 10 mV/sec, in light and
2 mV/sec, in dark.
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be regarded as the nonequilibrium case, because minority carriers cannot accumulate under
dark conditions, since both the minority carrier concentration in the SiC bulk and the thermal
generation rate of minority carriers may be extremely small owing to the large band gap (2.9 eV)
of 6H-SiC.

The flat-band voltage shift from the center of ideal C-V curves was used to determine the
fixed oxide charge density (N1) and slow interface trap density (N.s,). Fast interface trap
density (N.,,) was determined [15] from the G-V plot, as shown in Fig. 3. Thickness of the
oxide was calculated from the capacitance at strong accumulation. The uncertainty in this
measurement technique is dominated by the error (approx. 10%) in determining the contact
diameter. Thickness measured by this technique was in good agreement with the ellipsometer
measurements. The emission time constant r for the fast states was determined from the peak
of G,/w versus log (w) plot which occurs at wr = 1.98.

The results of high frequency (IMHz) C-V measurements on MOS capacitors prepared at
different temperatures and with different duration by wet and dry oxidations are shown in Tables
I and 2. An analysis of C-V curves and their corresponding AC conductance peaks indicates
that the density of fixed oxide and fast interface states in SiO 2 are strongly dependant on the
oxidation temperature and duration of oxidation. It can be seen from Table I and Table 2 that
the flat-band voltage increases with increase in thickness of SiO, and this result is consistent with
the theory since oxide thickness is directly proportional to flat-band voltage. Again, the flat-band
voltage was negative in wet oxidation whereas it was positive in dry oxidation. This shows that
polarity of oxide charges were opposite in wet and dry oxidation. The results from Tables I and
2 show that it was not possible to do AC conductance measurements when the oxide layer was
thick. For thick oxides, a peak in AC conductance measurement was not observed. This shows
the conductance measurement is applicable only in the case of thin insulator layer (< 650 A).

Table I
Wet Oxidation

OXI)ATION T,. (A) T., (A) Timn
SAMPI.E TEMP (°C1 ELII.ISO- CAt'ACI- a V.(v) N,+ N,_. N__ Cowa.

# & TIME (MIN) METER TANCE (10"crm ) (10'em ev') (. %ec)

I 1150, 30 295 239 -1.75 15.39 5.16 0.87

2 1150, 60 427 351 -2.60 15.57 8.13 0.49

3 1150. 120 598 521 -3.2 15.96 16.42 0.32

4 1150, 180 631 565 -4,6 20.79 -

5 1200.30 461 440 -6.7 33.41 14.6 1.10

6 1200,60 7Z5 645 -7.1 2.3.12 -- -

7 12.00 120 98S5 897 -7.35 24.11

A 1200. 180 1216 1093 -7.$5 1530 -

9 1250,30 791 708 -7.2 21.39 ....

10 1250,60 1298 1157 -7.9 14137

I I 1250. 120 19%6 1822 -8.45 9.74 -

12 1250, ISO 2264 2111 -9.16 9.12 -
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Wet and dry oxidation growth rates are shown in Fig. 4. Plots on logarithmic scale
indicate approximately parabolic oxidation behavior, which indicate a diffusion-limited reaction.
These results are in agreement with previously published data on wet oxidation of SiC [121.

Table 2
Dry Oxidation

OXIDATION -1r (A) Time
SAMPLE TEMP (*C) & ELIIPSO T_ (A) A V.(v) N,+N,_,, N Cost.

# TIME (M1N) -METER CAPACI- (1011cm-
2 ) (101cm-lev

4
) (p s)

TANCE

1 1200, 120 628 602 1.0 -3.49 0.81 1.57

2 1200, 180 903 837 1.8 .4.52 0.70 1.98

3 1200, 240 1203 1056 2.9 -5.77 - -

4 1200, 300 1227 1169 3.7 -6.65 - -

5 1250, 120 1129 1050 5.6 -11.21 0.7 1.57

6 1250, 180 1512 1390 6.45 -9.75 1.25 0.63

7 1250, 240 1956 1800 7.10 4.10 - -

8 1250, 300 2342 2222 7.96 -7.50 - -

5000

WET a-v
DRY e-o

2000"

0o 1000 1

€--U 1250 -

.C1200
j- 500- 1200 s"

0
200 1250

100 t I I ,... . , ,

10 20 50 100 200 SO

Fig. 4 Wet and dry oxidation growth rate.
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CONCLUSIONS

In conclusion we find .hat samples prepared by both dry and wet oxidation show
accumulation, depletion and inversion region under illumination. Under dark conditions,
inversion did not occur, probably owing to the absence of minority carriers due to the large band
gap (2.9 eV) of 6H-SiC. A significant improvement in the C-V characteristics was observed
after the oxidized samples were annealed in argon for 30 minutes. The characteristics at the
frequencies of 100 Hz - 1MHz were almost the same without any frequency dispersion both in
the dark and under illumination. The relation between the oxide thickness and the oxidation time
can be expressed by parabolic law which is also used for thermal oxidation of Si. SiO'2 layers
grown by wet oxidation process possessed a total positive-fixed charge and slow traps at
interface, whereas SiO 2 layers grown by dry oxidation possessed negative combined charge. The
slow interface traps have not been directly addressed in this work.
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ABSTRACT

Chemical and electrical studies were performed to determine the charac-
teristics of contacts to 6H-SiC. Both elemental metals (Ni, Mo) and silicides
(MoSi 2, TaSi 2, TiSi 2 ) were studied. Chemical analysis by Auger Electron
Spectroscopy (AES) was performed to examine interface reactions caused by heat
treatment. Electrical measurements (current-voltage and capacitance-voltage)
were made during annealing sequences to determine the rectifying or ohmic
characteristics of the contacts. Where possible, barrier height and contact
resistance values were calculated.

INTRODUCTION

Stable electrical contacts are vital to the realization of the potential
high temperature and high power applications of silicon carbide (SiC).
Contacts should maintain stable electrical characteristics (specific contact
resistance or barrier height) at elevated temperatures for extended periods of
time. For power devices, the contact resistance must be small compared to the
resistance of the active regions of the device. A specific contact resistance
of the order of 106 0.cm

2 or less may be required for many devices[l]. This
paper will report on electrical measurements (current-voltage, capacitance-
voltage,transmission line method) of contacts on the polar faces of single
crystal 6H-SiC. Auger electron spectroscopy (AES) combined with depth profil-
ing was used to examine interfacial reactions as a function of heat treatment
and correlate chemical reactions with changes in electrical performance. The
contact materials chosen included elemental metals (Ni, Mo) and refractory
metal silicides (MoSi 2, TiSi 2, and TaSi 2 ).

EXPERIMENTAL

All samples were fabricated on sublimation-grown 6H-SiC purchased from
Cree Research, Inc. Both C-faced and Si-faced samples were used. The Al
contacts were deposited on p-SiC epitaxial films grown in a CVD system with Al
doping. All other metals were deposited on as received n-type substrates with
carrier concentration in the 10 -10 cm range. All depositions were per-
formed by RF sputtering. Prior to deposition, the native Lxide was stripped
with buffered HF, the samples were cleaned with I HF: I Methanol: 10 H20,
rinsed in deionized H 0, and immersed in methanol until they were blown dry
with nitrogen immediately before being placed in the vacuum chamber. The base
pressure in the chamber was <ixIO6 torr, the Ar pressure was 10 mTorr, and
the RF power was 200W except for the TaSi and MoSi 2 depositions, for which it
was 500W. The Ni and Mo depositions were ýrom elemental targets. The MoSi 2 and
TaSi 2 were from stoichiometric compound targets. The TiSi contacts consisted
of 6 layer Ti/Si structures with the thickness ratio *s/tT 1 = 2.25. From
atomic density calculations this should yield stoichometric TiSi 2 after
annealing. All anneals were performed by a quartz-halogen lamp heated rapid
thermal annealer (RTA) in an ambient of 3% H in N2. The RTA was not equipped
to evacuate the chamber prior to annealing. T&e samples used for AES and those
used for electrical studies went through separate annealing runs.

The chemical data for all specimens were obtained by AES with a Perkin-

Mat. Res. Soc. Symp, Proc. Vol. 242. 1992 Materials Research Society
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Elmer 590A Scanning Auger Microprobe equipped with a DEC PDP 11-04 computer
system. The base pressure of the spectrometer was 2x10I 0 torr. The AES data
were collected by using a 5 kV primary electron beam voltage and 11A of beam
current. The depth profiles were performed by sputter etching with an Argon
ion beam at 4 kV and in the continuous sputter mode. The sputtering rate was
30A/min. as calibrated against Ta2O5/Ta standard. All semi-quantitative
atomic concentrations were calculated with the Perkin-Elmer MACS VI software
sensitivity factors.

The electrical measurements were taken from the circular transmission
line test structure shown in figure 1. Photolithography and wet chemical
etching were used to define the test structure. FeCl 3 was used to etch Ni and
Mo. The silicides were etched with HF:HNO -2-5 HO0 but this was not effective
for TiSi 2. Accurate dimensions of this structure were measured by optical
microscopy for each sample tested. The electrical data were acquired with
Keithely I-V and C-V equipment and software. C-V measurements of rectifying
contacts were made with the probes on the central dot and outer field contacts
(in this case, the outer field contact functioned as a "large area ohmic
contact"). If a contact was found to be ohmic, an attempt was made to calcu-
late the specific contact resistance using the transmission line model
(TLM)[2-5]. If one allows for a possible change in the sheet resistance of the
SiC under the contact, an "end resistance" measurement is needed to calculate
an accurate specific contact resistance value. The end resistance was measured
by a method similar to that described in ref[5].

200 Pm

Figure 1: Circular TLM pattern

Figure 2: Ni/Mo on Si-face (annealed)

RESULTS AND DISCUSSION

After examination of all specimens by optical microscopy, the chemical
composition of the films before and after annealing was obtained using AES.
The optical micrographs revealed morphological changes which often assisted in
interpreting the AES chemical data.

TaSi2:

The optical micrographs taken before and after RTA treatment showed a
smooth surface morphology which suggested that the Ta silicide wetted to the
SiC but did not undergo any major chemical reactions with the substrate.

A depth profile recorded after RTA treatment revealed that the contact
film remained stoichiometric with a Ta/Si ratio of 1:2. A sharp silicide/SiC
interface indicated no major chemical reaction with the substrate. At the
interface, the C (KLL) peak shape represented only a trace of metal carbide,
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even after annealing. The chemistry of Ta silicide was identical for metal-
lizations on either the Si- or C-face of SiC.

Electrical measurements of as deposited films revealed them to be
rectifying with Schottky barrier heights of 1.8 and 1.2 eV on the C- and Si
faces respectively. Reverse leakage currents were about 10- A at -IOV. After
one anneal at 925 C for 2 min the contacts were too leaky for barrier height
measurements, but even after an additional 4 min anneal at 9250C, they were
not linear enough for TLM measurements.

MoSi2:

Results similar to Ta silicide were observed by optical microscopy on the
Mo silicide metallization of 6H-SiC. Deposition of this silicide on both the
Si- and C- faces yielded smooth and visually shiny surfaces, even after
annealing.

The depth profiles for the Mo silicide as deposited and after annealing
and on both the Si- and C-face of SiC showed no chemical reaction in the hulk
silicide film nor at the silicide/SiC interface. All the profiles for Mo
silicide on SiC were similar and exhibited sharp interfaces suggesting no
diffusion or reaction with the SiC. Fiom the atomic concentration profile, the
Mo silicide film contained several atomic % of oxygen which remained in the
film after annealing.

After annealing this silicide, a small amount of Mo carbide wzs detected
at the interface when the individual C (KLL) peak shapes, which were recorded
during the profile, were examined. The peak bhdpe exhibited a metallic carbide
with some spectral overlapping most likely from the carbon in the SiC. The
formation of the metal carbide species at the interface could conoribute to
the adhesion of the Mo silicide to the SiC.

The as deposited contacts were Schottky with a barrier height of 1.0 eV
for both polarities. The samples went through an identical annealing sequence
as TaSi 2 with similar results.

TiSi2:

The surface stricture of this silicide after deposition was smooth.
After RTA treatment, the surface morphology of the metallization on both the
Si- and C-face became rougher.

The depth profile recorded after RTA treatment showed a broader Metal/SiC
interface, as compared to the Ta and Mo silicide profiles obtained after
annealing. Ti silicide was slightly more reactive. A gradual and steady
depletion of Ti started about halfway into the metallization layer and
continued through the interface into the substrate. This contact film was Si
deficient due to inaccurate control of the thicknesses of the Ti/Si multi-
layers.

An oxide surface layer, several hundred angstroms thick, was also
detected from the depth profile data. From an AES survey scan recorded before
sputtering the annealed Ti silicide surface, the major elements identified
were Ti and 0 with only a trace of Si and carbon. Less than 100 angstroms of
surface oxide were observed for Ta and Mo silicide. This is explained by the
presence of excess elemental Ti in tne multilayer structures reacting with
residual 0, in the annealing ambient. In the jase of Ta and Mo silicides, the
peak position and peak shape of the Si (LVV) AES transitions for the surface
Si indicated the presence of a reduced Si species, either elemental Si or
silicide, and an oxidized Si species. The single sharp transition for the
reduced Si occurred near 90eV and a doublet appeared between 60-80eV for the
oxidized Si.

Due to etching difficulties no electrical data was obtiined for TiSi 2 .
Future work will rely on reactive ion etching with SF6.
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Ni -Mo:

The optical microscopy revealed that the reactivity of the contact
material was dependent upon the substrate's crystal orientation. The surface
condition of this metallization on the Si-face changed dramatically after
annealing from a somewhat grainy structure, to a very blotchy surface with
large circular, rough defect sites as shown in Figure 2. The Ni/Mo bilayer
film deposited onto the C-face SiC specimen was uniformly rough after
annealing, with a texture similar to the circular blotches on the Si-face. No
circular features were observed.

The AES data provided considerable chemical information about the contact
film both before and after annealing. The as-deposited films showed a similar
chemistry which was independent of the crystal face of the SiC substrate. A
representative depth profile for the as-deposited Ni-Mo film on 6H-SiC is
shown in Fioure 3. The Mo/SiC interface was fairly sharp before annealing. A
well-defined MoC species was present at the interface. The C peak shape at the
interface, shown in Figure 4, was identical to a reference spectrum of MoC
[6].

The non-uniformity of the contact film on the Si-face specimen, after

""i~ ~ ~~~~l 410 -n'I ý,:,H-S ic •'

-d p s 1 -c

III

I ' r•+ " ::

ýPuilcr Time (m in'. I

i i-MI1 or, ýic Figure 3: Ni/Mo AES profile(as dep.)
(top, left)

a?, I a I-,eed Figure 4: C peak at Ni/Mo-SiC inter-
SIN face (top, right)

Figure 5: AES profile of rough Ni/Mo
area (bottom, left)

'nuttet" Time fffiM .j

anrealing, requireo the scanning capability of the AES spectrometer. In Figure
5, the depth profile for the grainy areas outside the raised, blotchy circular
defect sitef, indicated that Mo remained primarily at the interface with some
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interface.
The depth profile recorded on a blotchy area of the Si face revealed almost

complete degradation of the diffusien barrier layer. A similar reaction, only
less severe, was also detected after annealing the contact film deposited onto
the C face SiC. In Figure 6, recorded after RTA treatment of the C face
specimen, the top 100 angstroms consisted of a Ni Si species followed by a Mo
rich layer several hundred angstroms thick. The bulk of the contact film was
composed of Ni, Si, and a neutral C species. The interface between the
metallization film and the SiC substrate was very broad.

The as deposited films were rectifying with barrier heights of 1.8 eV on
the C-face and 0.9 eV on the Si-face. One pair of samples was annealed
initially at 8250C for 2 min and another pair was annealed at 700 0C for 2 min.
This decreased the barrier height from 1.8 eV on the C-face, to 1.2 and 1.0 eV
after the high and low temperature anneals respectively. The high temperature
anneal did not effect the barrier height on the Si-face, but after a low
temperature anneal the contacts were too leaky to be measured. All of the

-H i t I-

Figure 6: AES profile of Ni/Mo on C-face Figure 7: AES profile of Ni film

contacts went through an additional 825'C, 2 min anneal, followed by a 9250C,
2 min anneal. At this point the Si-face samples displayed a linear, ohmic I-V
characteristic. Analysis of TLM data by the technique described in ref[4)
yielded specific contact resistance values between 2x10 5- and 7x10' 0-cm
measured with multiple test structures on both samples. No dependence on
initial anneal temperature could be detected. It appears that the sheet
resistance of the SiC under the contacts has increased, but the spread in the
values for end resistance made it difficult to determine the exact amount.
Uncertainty in the measurements of end resistance also account for the spread
in the specific contact resistance values.

Ni:

The optical microscopy for the as deposited Ni on SiC revealed fairly
smooth surfaces, independent of the crystal face. Even after annealing, the
resulting surface structure was independent of the crystal face. The texture
of both surfacef became grainy after thermal treatment, indicating a chemical
reaction with the substrate.

The AES data were similar for Ni on the different SiC faces. The depth
profiles for the as-deposittd films showed sharp Ni/SiC interfaces. The
profiles recorded after annealing revealed extreme reactivity with the
substrate. In Figure 7, a NiSi species was detected in the top 100 angstroms
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of the annealed metallization film. The bulk film was no longer Ni but a
complex mixture of Ni, Si, and a neutral C species. Also at the interface
before bulk substrate material was exposed, a large amount of neutral C was
present.

The peak shape of this C species was identified as an amorphous, neutral
C or a graphitic C species and was similar to that observed in previous
studies [7]. The C peak shape for the C species in the bulk, ion-damaged SiC
substrate exhibited a weak minimum immediately before the major KLL transition
occurring at 274eV as compared to the weak maximum displayed in the amorphous
or graphite type C in the upper spectrum.

The contacts were Schottky as deposited, with barrier heights of 2.2 eV
on the C-face and 1.5 eV on the Si-face. Annealing was expected to form ohmic
contacts, but the contacts were still rectifying after two 2 min anneals at
825'C. Visually the films were dull, grainy, and nonuniform. We believe
contamination of the RTA is responsible for this poor result.

SUMMARY AND CONCLUSION

The silicide films appeared to be the most stable, with little reaction on
either face. The Ni/Mo films were more stable on the Si-face and formed ohmic
contacts more easily on this face. Elemental Ni was unstable on both faces,
and reacted to yield a lot of free carbon at the interface. MoSi 2 ard TaSi 2
formed metallic carbides after annealing, as did Ni/Mo on the Si ::e.

The Schottky barrier heights were higher (1.8-2.2 eV) on the tac• :,
on the Si-face for all contacts except MoSi Ni/Mo films formed c•- c
contacts after annealing with contact resistances around ]xIO3 . Moic Wc:, is
needed to develop stable Schottky and ohmic contacts with good electrical
characteristics.
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Abstract
In order to fabricate high temperature sensors and other devices, it is necessary to

develop ohmic contact metallizations that can withstand elevated temperatures. A variety of
ohmic contact metallizations were investigated with contazt resistivity measured as a function
of anneal time in air. The metallizations were based on Ti and W ohmic contacts, which have
contact resistivities as low as 10' f-cm2 . Several of the contact metallizations were stable after
10 hrs. at 650'C, while one system, based on a Ti ohmic contact, was able to withstand > 20
hrs. at 650'C with only a 30-40% increase in contact resistivity.

Introduction
Recently, there has been much interest in semiconducting SiC due to advances in growth

techniques and device development [1-31. SiC exhibits unique properties such as a wide band-
gap, high melting point and large thermal conductivity [4], which allow it to operate at high
temperatures. In addition, SiC has good mechanical properties at high temperatures [4] and
large piezoresistive coefficients [5], making it attractive for high temperature pressure sensors.
The research program at Kulite has addressed many of the issues in sensor fabrication including
sensor characterization [61, etching [71 and wafer thinning [8]. This paper is the first reporting
of our efforts to develop a contact metallization which is useful at elevated temperatures.

Discrete pressure sensors typically have contacts which are much larger than those used
in VLSI applications. For example, the silicon devices manufactured at Kulite use contact
windows which are 40-150 1m squares [9]. Thus, contact resistivities as high as 10 -3104 are
acceptable for these metallizations. Nevertheless, for high temperature applications, the contacts
must be able to withstand elevated temperatures in oxygen rich environments for extended time
periods without any major change in the contact resistivity. In addition, the metallization must
not lose adhesion to the semiconductor or to oxide layers with which it is in contact. It must
also be easily bonded to interconnects, such as Au or Pt wires. Our first goal was to produce
metallizations which could fulfill these requirements at 650"C for > 10 hrs. These contacts
would be useful for high temperature test measurements, which use sensors whose operating
lifetimes are between 10-50 hrs.

There has been a limited amount of research done on metal/SiC contacts. In an early
study, Edmond et. al. reported several ohmic contacts on n- and p-type 3C-SiC with contact
resistivities as low as 10' fl-cm2 [10]. Bellina, et. al. reported on the reaction of Ti with R-SiC
and found that TiC formed at temperatures as low as 350C [111. Furthermore, the formation
of TiC was not self limiting unless the SiC layer was carbon rich. On a carbon rich surface,
monolayers of TiC could be formed at the Ti/SiC interface, but the Ti would not react further
even after 500 hrs. at 800'C. Geib et. al. found that Ta reacted readily at 400"C to form TaC
and was not self-limiting, while Mo and W formed very stable Carbides which would not react

Mat Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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significantly at 850'C [12]. Recently, McMullin et. al. examined the durability of metallizations
based on Ta, Ti, and W at 600'C in non-oxidizing environments [131.

In this study, several metallizations based on Ti and W were examined. Ti was chosen
for its excellent adhesive properties while W has a very close thermal match to SiC and forms
a more stable carbide. The room temperature contact resistivity was measured as a function of
anneal time in air. In all of the metallizations tested, a thin (300 A) layer of Au was deposited
on top of the conductive layer to make the subsequent ultrasonic bonding process easier.

Experimental

Contact resistivity was measured using the four point probe method developed by Terry
and Wilson 1141 and modified by Kuphal 115], as shown in Fig. 1. In general, the resistance
between two ohmic contacts has three components; (1) the contact resistance, (2) the sheet
resistance of the material underneath the layers, and (3) the spreading resistance. When a
constant current, I, is applied between the two end contacts, a and d, of a four point
measurement (Fig. 1) the voltage drop between the two middle contacts, V,, is due only to the
sheet resistance of the semiconductor. Therefore, the contact resistivity can be measured from
the following equation;

R= A/I,[V,,-R,-V,{ln((3s/d)-l/2)/(21n2)}I

where R,=contact resistivity, R,=spreading resistance, d = contact diameter while s is the
spacing between the contacts. The logarithmic term that multiplies Vk takes into account the
potential drop between two circular contacts. If the contacts are small enough for a given
sample thickness, the spreading resistance can be neglected [15]. In these experiments, the
spreading resistance term accounted for less than 25% of the measured contact resistivity.

The R-SiC wafers used in this study were grown at the NASA Lewis research center by
previously described means [1]. These unintentionally doped films were 10 um thick and had
jesistivities ranging between 0.2-0.8 0)-cm. The samples were cleaned using the RCA method
and were sputtered with a 4000 A layer of quartz. Contact windows were opened up in the
quartz using photolithography and the samples were then degreased and cleaned again by the
RCA method. Before the metals were sputtered, the samples were sputter etched to a depth of
200 A. The background pressure in the sputter system was in the low 10' Torr range while the
Ar pressure used during sputtering was 15 ums. TiN was reactively sputtered from a Ti target
in a 20% N2/Ar atmosphere. The Pt and Au layers were patterned using 10:9:1
1420:HCI:HNO3 , while Ti, TiW, and TiN were etched using an EDTA/H,O solution. The size
of the metal pads were several times larger than the contact windows to prevent any etch
undercutting from affecting the results. Before the experiments began, several test films were
analyzed using AES and XPS to check for film purity. The Ti, TiW, and TiN films were
relatively oxygen free, containing < 3% oxygen. Pt and Au films were free of any traceable
impurities. The TiN films were bronze colored and had a Ti/N ratio of - I based on their XPS
lineshapes.

Contact resistivity measurements were taken from a 0.5 cm x 0.5 cm chip with 32 four
point probe layouts on it. Contact sizes ranged from 5 pm-30 ,m diameters, and the spacing
between the contacts was 225 jm. The chips were annealed in air at 650'C and 750'C after
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Fig. 1: Four point probe measurement of contact resistivity as suggested by Kuphal [151.

which the room temperature contact resistivity was measured.

Ti/Pt and W/Pt Contacts
The first metallization that was attempted was a thin layer of titanium (400 A) covered

with a thick layer of Pt (6000A). These contacts were used earlier in a study of B-SiC strain
gauges [6] and operated for several hours at 550'C. However, since Ti and Pt interdiffuse
readily at temperatures above 500°C, the contacts eventually peeled off the SiC. Contact
resistivities of the 'as deposited' films ranged from 9xlOr-2.5x104 a_-cm 2. A one hour anneal
at 650°C caused the contact resistivity to decrease by roughly a factor of two. Linear i-V
characteristic of the contacts were observed at 650'C, indicating that they remain ohmic at these
high temperatures. After two hours at 650'C, most of the Ti/Pt contacts failed, indicating that
this metallization will not fulfill the requirements for high temperature sensors.

W/Pt should provide a more stable contact than Ti/Pt for two reasons: 1) It forms a more
stable carbide and 2) W diffuses much less that titanium and in fact has been used as barrier for
Ti based metallizations [13]. Fig. 2 shows the contact resistivity of W(1400A)/Pt(6000A)/
Au(300A) films as function of anneal time at 650'C. Unlike the Ti based contacts, there was
no sharp initial decrease in the contact resistivity, but rather the contact resistivity decreased by
only 7% over the 8 hour time span. This decrease in contact resistivity may be due to a slow
carbide formation. The contacts were electrically and mechanically stable after 8 hrs. at 650'C,
although some peeling was observed at the edges on the oxide. This peeling may have been an
artifact of the metal etch which caused an undercut of the W layer. All of the contacts failed
due to loss of adhesion after 15 hours at 650'C or after one hour at 750'C. This failure may
due to a) diffusion of the Pt into the W, b) the oxidation of W, or c) a combination of oxidation
and diffusion. However, the success of this metallization for 8 hours indicates that it may have
some limited usefulness at temperatures between 500-650'C.
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B-SiC/W(1400A)/Pt(6000A)/Au(300A)

Contact Resistivity (1 W C-crr )
2

1.8................................
650 C
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.. .. .. . ......................
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0 2 4 6 8 10

Time (hrs at 650 C)

Fig.2: Room temperature contact resistivity of W(1400A)/Pt(6000A)/Au(300A)on n-type fl-SiC
as a function of anneal time at 650TC in air.
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Diffusion Barriers Between Ti and Pt
In order to improve the contacts, TiW and TiN diffusion barriers were used to prevent

the mixing of Ti and Pt layers. TiW is a good diffusion barrier since W is very immobile and
the Ti content promotes adhesion. TiN is an amorphous compound, thus eliminating effects such
as grain boundary diffusion.

Ti(400A)/TiW(1400A)/Pt(6000A)/Au(300A) contacts were used in the strain gauge
measurements mentioned earlier [6]. These strain gauges were simply thin film rectangular
resistors with two contacts and leads at each end. Although this configuration did not allow an
exact measurement of the contact resistivity, the failure of the gauges after heat treatment could
be attributed to the metallization and thus could act as a measure of the usefulness of the
contacts. The strain gauges had resistances ranging between 100-2000 a at room temperature.
After 3-5 hours at 6500C, the gauge resistance increased rapidly, presumably due to an increase
in contact resistivity, which indicates the limitations of this metallization.

Fig. 3 shows the contact resistivity of a Ti(400A)/TiN(ioooA)/Pt(6000A)/Au(300A)
metallization as a function of anneal time at 6500C. The contact resistivity showed a similar
initial decrease as the Ti/Pt films, after which it increased at a rate of - 2%/hr. These contacts
were electrically stable after 20 hrs. at 6500C. Most of the contacts became rectifying after 31
hrs. at 650'C, an effect which also occurred after 4 hrs. at 750°C.

SEM photographs of the Ti/TiN/Pt/Au contacts before and after a 20 hr anneal at 650'C
are shown in Fig. 4a and 4b. No significant peeling or buckling of the films occurred after the
heat treatment, with the exception of a small bubble that is present on the heat treated contact
of Fig. 4b. Bubbles of this sort formed sometimes after one hr at 650C(2, but did not change
with time at this temperature. The bubbles are probably caused by a stress relief effect and not
by contamination, since the bubble formation, when it occurred, was very regular within each
chip, with exactly one bubble forming on almost all of the larger contacts (15-30 /Am) and no
bubbles forming on the smaller ones (5-10 jim). The adhesion of the metallization to the oxide
layer remained very stable after the anneal. Fig. 4b also shows that some surface roughening
occurs, but this does not seem to significantly affect the electrical or mechanical properties of
the films. The roughness on the edge of the 'as deposited' contact of Fig. 4a is due to etch
undercutting of the thin Au layer.

These results indicate that the Ti/TiN/Pt/Au metallization is both electrically and
mechanically stable after > 20 hrs at 650"C and has a low enough contact resistivity to meet
the sensor requirements delineated above. Thus, it may be useful for test sensors that operate
betweei 600-700°C or for more reliable instrumentation sensors to operate between 500-550'C.
It may be possible to decrease the contact resistivity of this metallization by using a more highly
doped SiC layer, enabling it to meet some of the needs of high temperature IC components.

Ti/TiW/Pt/Au films were analyzed using Auger electron spectroscopy to observe carbide
formation at the Ti/SiC interface. This interface is shown in Fig. 5, which traces the relative
atomic concentration of Ti, Carbon and Si in the 400 A Ti layer after a 3 hr anneal at 6500C in
nitrogen. Pt and W signals were both below the noise level within this layer and thus are not
shown. The Ti line closely follows the carbon line which suggests that TiC formed throughout
the layer. Previous anneals of Ti/SiC at this temperature had a shifted carbon lineshape which
indicates the formation of TiC. Excess Si, caused by the breaking of the Si-C bond may have
diffused outward and thus does not appear at the interface. This result gives some insight into
the behavior of the Ti based contacts. After one hr. at 6500C, all of these contacts exhibited a
sharp drop in contact resistivity, which is probably due to TiC formation. Once the entire Ti
layer was consumed, the contact resistivity did not decrease further with temperature.
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Contact Resistivity vs. Time at 650 C
Ti(4OOA)/TiN(1oooA)/Pt(6OOOA)/Au(3OOA) on n-SiC

Contact Resistivity (Q-cm 2 x 104)
2.8

2.6

Spreading resistance < 25%

2 .2 ............................................................................................................

2.2

2

1.2 I I I I
0 5 10 15 20 25

Time (hrs. at 6500C)
Fig. 3: Room temperature contact resistivity of Ti(400,/)/TiN(1000/A)/Pt(6000A•)/Au(300A) on

n-type B-SiC as a function of anneal time in air,
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Fig. 4: SEM micrographs of Ti/TiN/Pt/Au contacts on SiC a) as deposited, and b) after 20 hrs.

at 650'C in air.
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Conclusion
We have investigated several ohmic contact metallizations on n-type 3C-SiC. Of the

metallizations tested, W/Pt/Au was reliable for 8 hrs. at 6501C while Ti/TiN/Pt/Au was able to
withstand > 20 hrs. at that temperature without significant deterioration of the electrical or
mechanical properties. This work demonstrates that by using the diffusion barrier approach, the
lifetime of contact metallizations on SiC may be increased significantly. Extending these
concepts to other polytypes and crystal orientations including polar faces of SiC should also be
possible.
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ABSTRACT

New x-ray dilfractio)i measurements performed on bori,,u nitride films deposited by

pulsed excimer laser deposition are presented. The x-ray data, taken with both a molybde-

onto rotating anode source and synchrotron radiation, indicate that the epitaxial cBN films

are < 200 A thick. We also report the successful growth of oriented crystalline diamond on

the (001) surface of cBN/Si substrates using the method of pulsed laser deposition. X-ray

diffraction measurements indicate that the diamond layer is 200 A thick with a lattice con-

stant of 3.56 A. The structures of metastable films (cBN and diamond) are very sensitive

to growth conditions: we present evidence that an epitaxial-crystalline to incoherent phase

transition occurs when the thickness of the films exceeds a critical value (- 200 A for our

present growth conditions).

INTRODUCTION

The development of both cubic boron nitride (cBN) and diamond in thin film form

has been pursued vigorously over the last several years. This rapid increase in wide-bandgap

semiconductor research can be attributed to the technological impact that these materials

would have on electronic and optical devices ill. Several deposition processes have proven

to be successful in the growth of diamond coatings, but the most widely utilized is plasma

enhanced chemical vapor deposition (PECVD). It has been shown that under appropriate

growth conditions diamond can be grown on a variety of substrates [21. Ilowever, regardless

of the deposition technique chosen, the resulting diamnond coating is usually polycrystalline

and muitifaceted with a rough surface. Such films are rarely epitaxial with the substrate

except when grown on bulk diamond 131 or cubic boron nitride .i. Recent work oii ion-

implanted surfaces reports that epitaxial diamond films may also be grown oii copper 5].

In many ways the growth of high qtuality cBN films has been more elusive thant the

growth of diamond. While many deposition tecihiques have been pursued. there exists no

single widely used process for the growth of cBN thin films. I)cpositi n technliques stich as

reactive niagrietron sputtering, PECV[), iou beami bombardment, and reactive evaporation

result in multiphase, polycrystalline, ranhd(1ly oriented boron uitride filns except whien

grown on bulk cl3N 16i or diamond 171. As with diamond films, the layers are either of

much tto poor quality to be useful for elettrouic device applicatiions or, as is the case with

films grown on bulk diamond, they are econoni iically unfeasable to be coutsidcred for large

Mat. nso, Soc. Symp. Proc. Vol. 242, 1992 Materials Research Society
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scale production. The only method that has been shown to produc:e epitaxial cBN filrrs

on a substrate other than diamond or bulk cBN, is the method of pulod ,xcimer laser

deposition (PLD) [8]. With this technique, thin epitaxial cBN films can be giown on (001)

silicon substrates.

It this paper we present new results oil the growth all 1 -tructural characterization

of cubic boron nitride films grown epitaxially oil (001) silicon lbstrates. We also report

evidence for the first successful growth of oriented diamond films, deposited by pulsed laser

deposition, on the epitaxial cBN.

EXPERIMENTAL

Boron nitride films have been grown on polished, p-type (rull) silicon wafers. All

substrate preparation procedures and growth conditions for file boron nitr;,½r deposition

have been described in previous publications [8,9]. The most recent sampicwr nrep•sred by

this method typically have a total film thickness of approximately 200 A of BN, an, zre

grown on one inch diameter silcon wafers.

X-ray diffraction studies were carried out at The University of Michigan usinp a

four-circle diffractometer with a rotating Mo-anode source and graphite crystal monochro

mater. In addition, high resolution scans have been performed on several cBN/Si 31ms with

synchr-tron rad;atr,. at the National Synchrotron Light Source at Brookhaven National

Laboratory.

DISCUSSION AND RESULTS

The crystallinity, composition, and chemical bonding of BN films (total thickness

1000 - 1200 A ) grown by pulsed excimer laser deposition have been investigated previously
using TEM [8], x-ray diffraction [8], Auger electron spectroscopy (AES) ý9], electo. "obe

microanalysis (EPMA) 110], Rutherford hacksrattering spe,-troscopy (RBS) [I0], electron

energy loss spectroscopy (EELS) [9], spectroscopic ellipsometry [11, aud infrared absorp-

tion [9]. Taken collectively, these data indicate that a thin (< 200 A) epitaxia& cBN layer

is present at the Si interface with thle remainder of tile film appearing to 1,e incoherent

sp 2 -bonded BN.

The high resolution (001) x-ray diffraction measurem-zits, with the difiracion vector

perpendicular to the silicon substrate surface, give no evidence for cither elenei tal boron or
hexagonal BN in any of the [IN films we have prepared i81. We have also notc rrvio;;slv

that the cBN (t004) x-ray peaks (which lie close to the position of ,he nor, ,d.\ f,,rbidden

Si(0t(t6) reflection) remain instrumentally narrow even for very thin (<, 1l0t A) filmr. Ihis

gives evidence that the Si substrate symmetry m. .,, in :,)me way, be contributing t, these

diffraction peaks. This effect is currently under investigati,1n.

Fig. I shows a very weak x-ray diffraction peak takent from a [iN filn. The posi ion

of the peak indexes to the (002) reflection of cBN with a lattice cons ant a,, - 3.62 A. A
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Figure !: Conventional 6 - 20 x-ray diffraction scan of cBN/Si using a Mo rotating anode

generator (A = 0.71 A). The position of the peak is consistent with an (002) reflection from

a cBN film having a lattice constant of 3.62 A.

structure factor analysis of the zinc-blende structure indicates that the strongest reflection

is the (1 II), which is 10 - 20 times more intense than the (002). The cBN (111) reflection

has not been observed in (001) scans on any of the BN films we have grown on (001) Si.

This indicates that the cBN is not randomly oriented with the silicon substrate. Using

the Debye-Scherrer equation J121, the width of the cBN (002) peak indicates that the cBN

film thickness is approximately 100 A, even though the total film thickness is known to be

approximately 700 A. The inability to resolve the Kai and Ka2 splitting of the cBN (002)

peak inhibits an accurate determination of the film thickness. Since the intensity of this

peak is nearing the instrumental limit of detection for our rotating anode generator, we hae

performed synchrotron studies on thin (total thickness < 200 A) films to more accurately

determine the thickness of the epitaxial cBN layer. Fig. 2 shows a scan of the synchrotron

x-ray intensity with the diffraction vector, k, normal to the substrate surface. The data

is consistent with a cBN (002) diffraction peak from a film approximately 175 A thick.

These x-ray results confirm the conclusions of our previous investigationls [8-10U. That is,

an epitaxial cBN film - 200 A thick grows initially on the silicon surface, but beyond this

thickness the BN film becomes incoherent.

The apparent - 200 A epitaxial film thickness is not well understood at this time;
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Figure 2: X-ray diffraction (001) scan of cBN/Si using synchrotron radiation (A = 1.744 A).

The position and width of the peak is consistent with an (002) reflection from a cBN film

having a lattice constant of 3.62 A, and a thickness of - 175 A.

however, crystalline to incoherent phase transitions have been observed in other epitaxial

systems [13,141. In the growth of homoepitaxial Si, Eaglesham et al. [13] have shown that

there is an epitaxial thickness, ho., at which a growing epitaxial layer becomes incoherent

(10 to 30 A for growth on ambient temperature substrates). They attributed the breakdown

in epitaxy to a roughening of the growth surface, which causes a nucleation of an incoherent

phase. A similar breakdown in epitaxy has been observed [14] in the homoepitaxial growth

of GaAs, which among other things depends strongly on composition. This point may be

particularly salient to the epitaxial growth of laser deposited cBN. It has been shown [15]

that the hBN target experiences melting and undergoes a partial elemental decomposition

during the laser deposition process. That is, as a result of the beam-solid interaction,

nitrogen is liberated to the gas phase from the melt and the irradiated region of the target

condenses to a nitrogen deficient material, BN 0 .s. Subsequent laser pulses on the nitrogen

deficient target lead to a nitrogen deficient film. Experimental techniques exist, and are

currently being investigated, to increase the thickness of the epitaxial cBN layer [13,141.

Because of the good lattice match (1.4 %), diamond can be grown heteroepitaxially

on cBN [4]. We attempted to grow diamond on cBN/Si (with the total BN film thickness

less than 100 A) using the hot-filament CVD technique. These attempts were unsuccessful
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because the carbon species generated by the plasma completely etched away the cBN leaving

bare silicon. This is not surprising in view of the fact that CH 4 /H 2 plasmas are routinely

used to etch the surfaces of Il1-V compounds prior to epitaxial film growth [16].

Recently, we grew laser deposited carbon on some of our cBN/Si samples in hope

that the cBN would nucleate the diamond phase. In this experiment, cBN films were first

grown on (001) Si substrates following the procedures outlined in tile previous section. The

substrates were allowed to cool to room temperature in flowing N2 and the hBN target (used

to grow the cBN film) was replaced with pyrolytic graphite. With the substrate at room

temperature and the chamber tinder vacuum (no gases flowing), 100 laser pulses were used

to deposit approximately 20 A of carbon onto the cBN/Si. During the growth of the carbon

layer, the KrF lasci was pulsed at 5 ilz, and had a fluence of 3.9 J cm- 2 . The substrate

temperature was then elevated to 600 'C and another 1000 pulses of carbon were deposited

in approximately 3x 10-2 torr of flowing 112. In PECVD diamond growth, Il-atomns are

believed to selectively etch the sp2 -bonded carbon constituent of the film. Since the plasma

generated by the laser-target interaction is believed to th, -e a temperature in excess of 10'

K 171, sufficient thermal energy exists near the target to dissociate molecular hydrogen.

However, it is not know what effect (if any) that the hydrogen has on the carbon species

grown in this deposition. Subsequent to deposition, the substrates were allowed to cool to

room temperature in flowing 112, and then removed from the chamber. The films appeared

optically smooth, clear in the center and light blue on the edges.

The Raman spectrum of one of the C/cBN/Si samples is shown in Fig. 3. The

spectrum has peaks near 960, 1330 and 160.4 cm-1. Whereas the peak near 960 cm-' is a

second order feature of the Raman-active silicon phonon, the peaks at 1330 and 1604 cm-n

are characteristic of sp'-bonded carbon J181. Because the Raman scattering efficiency of

diamond is much less than that of sp2 -bonded carbon, the Raman spectrum (Fig. 3) is not a

sensitive test for diamond in films containing other forms of carbon [181. Low energy EELS

measurements are sensitive to the chemical bonding of the film surface, but provide no

information about the remainder of the film. Results of EELS measurements (not shown)

performed on a C/cBN/Si sample are also consistent with the spectrum of an sp2 -bonded

carbon film.

X-ray diffraction experiments, which are sensitive to the crystallinity of the entire

film thickness, were performed on the C/cBN/Si film. The data indicate that the carbon

film is not entirely sp 2 -bonded carbon. A plot of x-ray intensity vs. diffraction angle (26)

is shown in Fig. 4. Near 20 = 470, a set of diffraction peaks are present that index to the

Kai and h.s2 (004) reflections of diamond (a0 s 3.56 A). The measured d spacinmg from

the diffraction peaks is 0.890 ± 0.003 A, which is in excellent agreement with the (0t1A)

d spacing of diamond (0.892 A).

We found no evidence in the (00t?) x-ray diffraction data for graphite, or other
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Figure 3: Raman spectrum of a C/cBN/Si film prepared by pulsed laser deposition. Tht

peak at - 960 cm-1 is a second order excitation of a Si phonon, while the peaks at 1330

and 1604 cm-' are characteristic of disordered graphite.

diamond orientations. The (004) diamond reflection is not coincident with any diffraction

peak from graphite, boron nitride, or silicon, and the Ko1 -Kc 2 splitting evident in the figure

eliminates the possibility of a A/2 harmonic from an x-ray peak of the silicon substrate. To

our knowledge, this is the first evidence for the growth of crystalline diamond by pulsed laser

deposition. Recently, Martin et al. [19] have reported that a few layers of hexagonal carbon

with some sp 3 bonding can be grown epitaxially on (001) Si by pulsed laser deposition of

graphite, but cited no evidence for diamond. Based on the Raman scattering, EELS, and

diffraction data, we speculate that the diamond x-ray peaks arise from a thin diamond layer

adjacent to the cBN layer, and the remainder of the carbon film is characteristic of sp 2-

bonded carbon. Since more intense diamond diffraction peaks (e.g., 111 and 220) were not

observed in subsequent (00) scans, we conclude that the crystalline diamond is oriented

with the cBN, and hence the silicon substrate. That is, the [0011 direction of the diamond

is parallel to the ý001j directions of the cBN and Si. The widths of the !004] diamond peaks

indicate that the thickness of the diamond layer is approximately 200 A. The diamond

peak intensity is much too weak to enable us to examine the in-plane orientation with our

rotating anode source. Diffraction experiments using synchrotron radiation are planned to

investigate the possible diamond epitaxy. Given the similarities between cBN and diamond,
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Figure 4: Conventional 0 - 20 scan of a C/cBN/Si film using a Ma source (A = 0.71 A).
The position of the peaks (Ka 1 and Ka 2 wavelength doublet) is consistent with the (004)

reflection from a diamond film having a lattice constant of 3.56 A and a thickness of - 200 A.

it is possible that the diamond may also undergo a crystalline to incoherent phase transition

when the thickness of the diamond exceeds - 200 A.
In conclusion, we have shown for the first time, that pulsed laser deposition of

carbon can result in a carbon film that contains crystalline diamond, and that the diamond

is oriented with the cBN/Si. We have also presented evidence for the existence of an

epitaxial-crystalline to incoherent phase transition in the growth of cBN on (001) Si, With

our current growth conditions, we believe that an epitaxial thickness of approximately

200 A can be grown before the onset of this transition.
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Pulsed Excimer Laser Ablation Deposition of Boron Nitride on
Si (100) Substrates

T. A. Friedmann, K. F. McCarty, E. J. Klaus, D. Boehme, W. M. Clift,
H. A. Johnsen, M. J. Mills, D. K. Ottesen, and R. H. Stulen

Sandia National Laboratories, Livermore CA, 94551

ABSTRACIT

We are studying the boron nitride system by using a pulsed excimer laser to ablate from
hexagonal BN (hBN) targets to form cubic BN (cBN) films. We are depositing BN films on
heated (600'C) silicon (100) surfaces in a flowing (0- 10 sccm) ambient background gas of either
NH 3 or N2 of varying partial pressure (0-100 mTorr). Infrared (IR) reflection spectroscopy
indicates the films have short-range hexagonal order. Some films grown at low laser energy
densities have shown the cubic phase in IR transmission. Auger electron spectroscopy (AES)
indicates the films are nitrogen deficient, which is linked to changes in the target stoichiometry
with increasing laser fluence. Raman spectroscopy on the films shows only a strong background
luminescence suggesting a high concentration of defects associated with the nitrogen vacancies.
Atomic force microscopy (AFM) of the films shows a surface morphology that roughens as the
growth rate increases. In order to improve the film stoichiometry it was necessary to actively
enhance the nitrogen content of the films. It was found that bombarding films during growth
with ions from an ion gun filled with NH 3 gas increased the N/B ratio but did not enhance the
cubic phase. RF biasing the substrate gave films which showed both cubic and hexagonal
features in IR reflection. High resolution transmission electron microscopy (TEM) confirms the
presence of cBN grains of -200A size in films grown with an RF bias.

INTRODUCTION

Pulsed laser deposition (PLD) is an emerging technique for synthesis of thin film
materials of many different types[ 11. In particular, thin films of high temperature
superconductors with very high quality have been synthesized by PLD and studied extensively.
One of the advantages of PLD is its ability to deposit multicomponent, layered structures by
ablating from several different targets during the deposition process. In addition, PLD offers the
possibility of depositing metastable phases, such as cubic boron nitride (cBN), which differ in
structure from the original target due to the energetics involved in the ablation process. In the
intense plume generated during ablation, high energy ions, radicals, and neutrals can be excited
allowing for chemical reactions both in the plume and on the substrate surface. In this paper we
investigate the possibility of forming cubic boron nitride by ablating from hexagonal boron
nitride (hBN) targets.

cBN films are of interest technologically due to their high hardness and high thermal
conductivity, much like diamond films. cBN is superior to diamond in several aspects.
Electronically, cBN can be doped both p- and n-type, whereas diamond can at present only be
doped p-type. In addition, cBN has a larger band gap than diamondl2l. Mechanically, cBN can
be used to machine ferrous alloys that graphitize diamond surfaces, and cBN has a higher
decomposition temperature than diamond. The major disadvantage of cBN films is that they are
harder to synthesize than diamond films, although several groups have reported success growing
polycrystalline cBN filmsl3,4,51. One group has reported the growth of epitaxial but
polycrystalline cBN on silicon (100) surfaces by PLDI61. The purpose of this paper is to report
on a parametric study done to assess the feasibility of synthesizing cBN films through laser
aolation of hBN targets.

Mat. Res. Soc. Symp. Proc. Vol. 242. ý 1992 Materials Research Society
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EXPERIMENTAL METHODS
~tuIChambe T] tr

A schematic diagram of the L\T
deposition chamber is shown in Fig. 1. T
The vacuum chamber is capable of A / A
attaining a base pressure of I x 10-7 iieat-ed
Tonr. The targets were ablated with a Substrate

KrF (248 nm) laser (Lambda Physik
LPX300) capable of generating 30-ns-
duration 1.2-J pulses at a 50 Hz
repetition rate. The laser light was
focused through a spherical lens with a
30-cm focal length through an AR
coated window into the vacuum -,------- 

txII,
chamber. The beam hit the rotatable
target at a 450 angle forming a
rectangular spot with an aspect ratio of
-5:1, varying in area dependent upon the . - 245,,,1
position of the focusing lens. The = 311 ns

target-to-substrate distance could be Excir.er 1 0 -t13-l'u ke

varied but was generally held at -4 cm. Lep. rate 0-50 11z

The target was as received pyrolytic
boron nitride (Union Carbide). The
targets were sanded clean after each Fig 1. A diagram of the ablation system.
exposure to laser light due to the boron
enrichment problem described below.
The silicon (100) substrates (p-doped with B to 0.01-0.03 facm) were cleaned to remove the
surface oxide layer by a wet dip procedure involving HF and NH4F that is described
elsewhere[71. In most cases no in situ cle,.ning of the Si substrates was attempted although some
samples were annealed in vacuum at 800'C for five minutes immediately prior to deposition. The
Si substrates were resistively heated, and their temperature was measured by a thermocouple
pressed directly to their backside. A thickness monitor at room temperature could be moved into
position in front of the sample substrate to measure the deposition rate. Depositions were made
in in a flowing background of either N2 or NH 3 gasses (0 - 10 sccm) varying in pressure up to
100 mTorr.

Initially, the laser energy density, film thickness, background gas, and background gas
pressure were varied, while the substrate temperature was held at 6000 C. The resultant films and
exposed targets were examined, as described below, and found to be nitrogen deficient. IR
spectroscopy revealed the films to be sp 2 bonded. Consequently, ion bombardment and RF
biasing with varying substrate temperature were separately used in an attempt to enhance the
nitrogen content of the films and promote growth of the cubic phase. Ions from an ion gun were
used to bombard the substrate during growth. The gun was run from 1-5 keV acceleration
voltage, using either N2 or NH 3 gas as a source of ions. For the samples grown in an RF
discharge, the effect of the substrate RF bias voltage on sample growth was studied by varying
the input power to a N2/Ar plasma.

Characterization of the samples was accomplished mainly through infrared spectroscopy
which serves as a quick screening process to determine bulk film characteristics. For hBN the
bonding is sp2 in nature with two characteristic peaks at 1370 cm-t and 800 cm-t associated with
the in-plane B-N bond stretch and out of plane B-N-B bond bend, respectivelyl8J. The bonding
in the cubic material is sp3 in nature with an IR active TO mode at 1070 cm-191. IR
spectroscopy reveals the nature of the bonding in the film but not the long range crystallinity or
microstructure. Long range order in the films was assessed using x-ray diffraction (XRD)
employing a thin film geometry at an incident angle of 0.5' and a rotating anode source of Cu Kax
radiation. AES provided information about the film stoichiometry. TEM was used to probe the
microstructure of the films. TEM samples were prepared by scribing the backside of the Si and
cleaving small rectangular shaped samples from the larger wafer. These samples were silver
pasted to a flap cut in a copper grid such that the film surface could be mounted vertically in the
microscope to examine one comer of the film.
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Fig. 2 Deposition rate vs. laser fluence for varying energy density.

RESULTS AND DISCUSSION

In order to study laser-target interactions, the thickness monitor was used to measure the
ablation rate as a function of incident laser energy density and fluence for rotating and
nonrotating targets. Fig. 2 shows the deposition rate as a function of laser shots for various laser
energy densities. It is apparent that for the lower laser energy densities the deposition rate falls
off as the number of incident shots increases. For higher energy densities (>6 J/cm 2) the
ablation rate is nearly constant. Examination of the exposed targets reveals that at low energy
densities the once pristine hexagonal boron nitride has become slightly pitted with dark cones that
point toward the incident laser beam, AES of the exposed target shows that these regions are
boron rich, as has been reported by othersl 10). The decrease in the ablation rate with time may
be explained by the preferential liberation of nitrogen from the target leaving boron rich material
that has a higher ablation threshold than hBN. The targets exposed to laser energy densities
above 6 J/cm 2 show very clean ablation pits with no dark boron rich regions. AFM pictures of
films grown at these high energy densities show rough surfaces with large particulates (-I Am).
In contrast, the films grown at lower energy densities do not show these large parttculates and
are smoother. In order to alleviate the problem of changing target stoichiometry for low laser
energy densities, the target is rotated to expose i larger surface area to the incident beam. As can
be seen from Fig. 2, this rotation steadies the ablation rate.

|400
... 1 ..... 1,

12.1)t)1)

2').1)) /: \)\

S-- - .L x\ .... ..

Fig 3. IR reflectance vs. wavenumber for films of varying thickness grown at 4.3 J/cm 2 in 30
pm of N2 gas vith a rotating target. No peaks appear above 2000 wavenumbers.
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IR reflection spectroscopy was done on all of our samples to examine the phase
composition of the films. Fig. 3 shows a typical set of IR spectra obtained from a series of
samples grown at an energy density of 4.3 J/cm

2 in 30 mTorr of flowing nitrogen gas with a
rotating target. The samples range in thickness from 4M0 to 12,(X)OA. The spectra were raioed
to the spectrum of silicon that was cleaned by the same HF/NH 4 F dipping process referenced
above[71. The two peaks at 8X) and 1370 cm I indicative of the hexagonal phase are very
prominent in the thicker samples and gradually become less intense as the samples get thinncr.
The peak at 1065 cm t indicative of the cubic phase does not appear in these samples.

The background gas pressure was varied up to 1X) mTorr in order to determine its effect
on sample quality. Films grown in vacuum were thicker and had more particulates than those
grown in high pressures of N2, but the IR spectra of the deposited films did not noticeably
change from the spectra shown in Fig. 3. Performing the same study with NIH3 as the
background gas revealed no changes in the films, as determined by IR spectroscopy.

Varying the laser energy density from I to 8 J/cm 2 in almost all cases gave samples iiht
were hexagonal in phase as determined by IR reflection spectroscopy. Three samples made in 15
mTort nitrogen gas pressure with a nonrotating target at energy densities of 1, 1.5, and 2 J/cm-
show the peak at 1065 cm-t in IR transmission indicative of the cubic phase, as can be seen in
Fig. 4. (Repeating the measurement in the IR reflection geometry gave the same result.) One
sample made at I J/cm 2 showed almost entirely cubic phase with the other two samples showing
increasing hexagonal phase as the energy density increases. Efforts to reproduce the results of
this series of samples hive not proven successful, although work is still in progress to do so.

-" ý j .1) 1.< ll

I 7(I ' l '

c•' i~t'liliik' lx i

Fig. 4 IR transmission vs. wave number for three samples made at low laser energy density.
The IR transmission above 2(X)O wavenumbers shows no additional peaks.

In general, films produced by PLD without ion enhancement are not stoichiometri, IN.
Auger analysis of the as-deposited films show that N/B = 0.70. This nitrogen deficiency
problem may be linked to the target depletion problem described above. XRD analysis has not
shown peaks indicative of either the cubic or hexagonal phases suggesting that the films have
either very small crystalline grains or are amorphous. Raman analysis has not shown any peaks
but a strong background luminescence possibly associated with the large nitrogen deficiency in
these films.

The results above indicate to us that some form of active nitrogen enhancement is
necessary in order to produce stoichiometric films and encourage growth of the cubic phase. In
order to investigate these possibilities two metnoti.; wert. exar-.ined!. Th'1 first method involved
the use of an ion gun to bombard the samples during growth, while the second involved RF
biasing the substrate and varying its temperature.

Two series of samples were deposited using the ion gun, one with N2 and the other with
NH 3 gas as the source of ions. The ion energy was varied from 1-5 keV. IR analysis of these
samples revealed that the films were hexagonal and that the cubic phase was not enhanced.
Auger analysis showed that films deposited with NH 3 as an ion source were closer to
stoichiometric with N/B = 0.90. The Auger line shape of the boron peak for these samples was
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consistent %k, " e presence of cBN material in thle fi Inis: hovs evr, thle presence of sur-face
oxygen ;o t ies tincorporated durin g samiple hand I i ug made it d it I tilut to state this
unan'b-, ..o)usly since the B lineshape in B3103 is similar ito that of B in cB3N.1I IlI XRI) analysis
of, 'icse films did not show any peaks, indicating the films are either smnall grained or
amorphous. Although ion bot;bardtnent shows promise as -% means for increasing the nitrogen
conltenit of the films. our preliminary results show that we were not able to significantly enhance
the Cubic phase through this method.
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discharge at different D)C bias voltae-es.
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1 5 tnlorr in a flo)w inig gas tmixtuare (3.0 scctn t of Ar aid N, at a ratito oft 10: I, respectively
Satmples grown wsitfh RU biasitng show, at cifliancetuetil ill the ailut'int of cubic tmaterial. Fi1g. 5
shows the I R spectra for four samples grown at di fferen ii ias voltages. 'lI hree satmples show a
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mixture of both cubic and hexagonal Measured Standard cBN
phase. The sample grown at -450V bias dihku Intensity (a = 3.62A) hkl
sh o w s o n ly h e x ag o n al m ate rial. It is 3 .15 0 v w ...... ....
apparent that at a bias voltage above a 2.110 s 2.084 111
certain threshold value between -300V 1.820 m 1.807 2(X)
and -450V only hexagonal material 1.280 s 1.292 202
appears. Fig. 6 is a TEM micrograph 1.100 s 1.102 113
of a sample grown at a bias voltage of 1.040 m 1.055 222
-2(X)V. The 1.76A spacing between the 0.920 w 0.914 400
rows of Fig. 6 is consistent with that of 0.830 m 0.829 313
the (200) planes of cBN. The positions 0.810 m 0.808 204
of the rings for the corresponding 0.740 m 0.738 224
electron diffraction pattern in Fig. 7 have
been analyzed, verifying the presence of Table I. Th., measured d spacings of Fig. 7
cubic material as can be seen in Table 1. compared to those of standard cBN.
The TEM images show grain sizes of
-200A.

CONCLUSIONS

The hexagonal phase is predominant for the samples we have grown with PLD. Varying
the iaer energy density has produced some films that show indications .-f the cubic phase in IR
spectroscopy, although we have not been able to reproduce the IR data in other films grown
under the same conditions. It has also been shown that it is very difficult to grow samples with
the proper stoichiometry; most samples are nitrogen deficient. This is linked to nitrogen
depletion in the target with increasing laser fluence making it necessary to supplement the growth
procedure by using some activated secondary source of nitrogen. Preliminary efforts to do so
with an ion gun run with NH 3 gas show improvements in the N/B ratio, but no indication of the
cubic phase in IR spectroscopy. PLD of samples in the presence of an RF discharge has led to
films that show mixed phase cubic and hexagonal material in IR spectroscopy. TEM images of
these samples show small grained cubic material of -200A grain size. Further efforts are under
way to increase the fraction of cubic material in the films deposited in an RF discharge.
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ABS1RACT

Tetrah,-drally coordinated phases of boron nitridc (c-BN and w-BN) were produced by
rea'Tt•ve sputtering. The structure of the films was insestigated by XRD and TENT diffrac-
tion, and found to be polycrystalline. Films with microhardness up to 3500ky/7nrn 2 were
deposited but some degradation over time has been observed. A model for the stabilization
of th, tetrahedral phases over the graphitic one is proposed.

INTRODUCTION
Bulk boron nitride exists in three allotropic forms; the hexagonal graphite-like form (the

thermodynamically stable phase), the zinc-blende and the hexagonal wurtzite-type forms
which can be formed under high pressure conditions. Boron nitride thin films have been
produced by a variety of deposition methods, such as CVD (1), plasma assisted CVD (2).
ion plating (3), electron beam deposition (4), and reactive sputtering (5,6). In general, films
produced by ion assisted processes were determined to have a significant cubic component
but results from different laboratories are conflicting and there is no consensus as to the un-
derl'ing cause for the stabilization of c-BAN over g-BN under metastable growth conditions.

In this paper, we present data on the growth, structure, chemistry and mechanical prop-
erties of BN films produced by reactive sputtering. Evidence is presented that the formation
of the tetrahedral phases (c-BN and w-BN) requires the incorporation of defects su "h as N-
or B-vacancies.

EXPERIMENTAL METHODS
The boron nitride films were grown by rf diode sputtering. The boron nitride target.

a 12.7 cm diameter and 0.6 cm thick disk, was Carborundum grade AX20 which contains
2% B 20 3. The substrates (quartz, sapphire, silicon, tungsten carbide, and TiN-coated WC)
were held 6 cm below the target and the substrate platform was electrically floated and
heated from ambient temperature to 700'C. The deposition system was pumped to a base
pressure of 3 x 10' Torr and the sputtering was performed in a mixture of Ar and NV at a
total pressure from 2 to 10 mTorr. The partial pressure of nitrogen was varied from 0"t to
100%. The power in the discharge was varied up to 1000 Watts.

The structure of the films was investigated by XRD using a Rigaku diffractonieter with
parallel beam optics, and TENI diffraction from flakes scraped from various substrates onto
a Cu-grid. The platelets of g-BN tend to rest on the grids with their basal planes parallel
to the grid planes, and the c-beam is parallel to the c-axis. Under such circamstances, re-
flections (hkl) with I / 0 are extinguished arid the diffraction patterns from g-BN and c-BN
are qualitatively similar. The distinction between the two structures can be made only by
careful! determination of the ratio of radii of the diffraction rings. Oriented g-BN has a (10.0)

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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reflection at 2.1693Aand a (l.t) reflection at 1.2521A. The ratio of the two d-spacings is
1.73 and this should coinside with the ratio of the radii of the two diffraction rings. c-BN
has a ( 11) reflection at 2.088A and a (220) reflection at 1.2785A, and the ratio of the radii
of the two diffraction rings is expected to be 1.63. w-BN has a (10.0) reflection at 2.211A,
and a (11.0) reflection at 1.277A, and the ratio between the radii of the two diffraction rings
is 1.73. Therefore, based on T'EM diffraction alone, one can not distinguish between g-BN

and w-BN.
Film composition was determined in a few films by XPS and film microstructure by SEM

studies.

EXPERIMENTAL RESULTS AND DISCUSSION

A. Film Deposition Process

The BN-target at the end of a run was found to have a gray color when sputtering took

place in pure argon, suggsting that under these conditions the target was reduced and be-
came boron rich. On the contrary, the color of the target remained unchanged when the

sputtering discharge contained more than 10% nitrogen. This suggests that nitrogen in the
plasma reacts both with the target as well as with the growing BN film.

The film growth rate was found to increase with the power in the discharge, a result
which is expected. lHowever, we also found that at a fixed power in the sputtering discharge,

the film growth rate increases with the partial pressure of nitrogen in the plasma. This result
is illustrated in Fig. 1 for a series of films deposited at 200 Watts forward power and total

pressure of Ar + N 2 = 5onTorr. The film deposition rate was determined from the thickness
of the film divided by the deposition time. Based on the experience of reactive sputtering

from elemental targets, one would have expected the opposite result. Reactive gases, in
general, carry a significant fraction of the discharge current, but contribute very little to the

sputtering rate(7).

- - . 4

Fig. 1. Deposition rate rsSo fraction of nitrogen in the
discharge

fraAc2io Subsorgtee +

L0 S--1 Substrate. a -

SK0, Substrate

0 5" 0 5 0 75

P(N2)/P(total)
One possible explanation of this result is that the increase in deposition rate is not due
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to an increase in the sputtering yield, but it is due to an increase of the thickness of the
film because of its structural transformation from the cubic to the graphitic phase. In other

words, a material produced in low concentration of nitrogen has the tetrahedrally coor-

dinated structure (denser) while that produced in high concentration of nitrogen acquires

the graphitic structure. The mass densities of the two structures (P, B-N - 3.55'r/cm
3 

and

p, B-N -r 2.2gyerc
3

) have a ratio of 1.6, in approximate agreement with the observed in-
crease in deposition rate.

13. Film Composition, structure, and microstructure.

The composition of only three films was determined by XPS analysis, and the results

are shown in Table I. The oxygen in the films is probably due to the B 2 0 3 impurities of the

target, and oxygen impurities from the sputtering gases and atmospheric leaks. The carbon

could be due to sputtering from the graphite substrate holder.

Table L Composition of BN Films

Sample _ B N C N 0
BN-207 140.4% 40.8% 7.1% 11 .50.
BN-208 39.2% 37.87 10.7% r12.17

B3N-211 140.6% 36.3% 13.9% .90%

The XRD pattern of a BN film produced with 10% N 2 in the sputtering discharge on a
tungsten carbide substrate is shown in Fig. 2a. Shown for comparison in Fig.2b is the XRD
pattern of the substrate alone. It is obvious that the broad peak at 20 430 is due to the

film. However, its identification is not unambiguous.
The most intense reflection from cubic boron nitride occurs at 20 43.30 and corre-

sponds to (111) reflection, whose d-spacing is 2.0872A(8). However, there are two reports on
shock-wave compressed boron nitride, which is reported to have the wurtzite structure with

intense reflections in the same 20-region. The first type (9) was produced by compression of

graphite-like boron nitride up to 550 kbar and its three more intense peaks, in an order of

increasing intensity occur at 20 - 40.760,42.720,46.290. These peaks correspond to (100),

(002), and (101) reflections, whose d-spacings are 2.211 A, 2.114A, and 1.959A. The second

type (10) was produced by shock-wave compression derived from explosion of a cylindrical

charge of 
6 0-150g of hexogene. The XRD data from this material were not indexed. The

most intense peaks occur at 20 9 14.08°, 23.07', 27.6', 33.3', 40.9', 43.5' and 46.40, with cor-

responding d-spacings 6.28A, 3.85A, 3.22A, 2.686A, 2.201A, 2.07A, and 1.955A. These two
results suggest that boron nitride with the wurtzite structure can exist in many polytype
forms, due probably to the formation of stacking faults parallel to the (0002) planes (I1).
The graphitic BN has its most intense peak at 20 9 26.750, which corresponds to the (0002)
reflection (d=3.3281A) and two much weaker peaks at 20 9-- 41.58' and 43.85°, which cor-
respond to the (100) and (101) reflections (12). Finally, it should also be mentioned that
elemental boron has one peak in the same 20-region. The most intense XRD peaks of boron
occur at 29 = 20.870,21.810, and 42.740 and correspond to (003), (101), and (021) reflections

of this rhombohedral structure (13).
From the evidence presented in Fig. 2, it appears that the observed peak is due either to

BN (cubic or wurtzitic) or to elemental boron. However, the data of Table I suggests that,
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to within a few percent, the concentration of boron and nitrogen is the same and tlus, it is
very unlikely that the observed XRD peak originated from phase separated elemental boron.
To differentiate between all of these alternative interpretations regarding the structure of the
film we are currently studying the XRD in the 20-region smaller than 25'.

680 -_

50
Fig 2a. XRD pattern

S340: for a BN-film on a
30 WC substrate

0

0

25 35 45 55 65 75

two theta

1000o

750-

o rFig 2b. XRD pattern

"•500- for the TIC substrate

0
250

25 35 45 55 65 75

two theta

The broadness of the peak at 29 - 430 could be either due to the small size of the crys-
tallites or to strain. The later should also cause a shift in the position of the peak. From
Debye-Scherrer analysis we find that a crystallite size of about 30A is required to account
for the width of the line.

Figs. 3a and 3b are TEM diffraction patterns for two BN films. These data clearly
indicate that the films are polycrstalline with no indication of an amorphous component. A
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careful examination of the two patterns indicate that besides the two main rings, pattern
3b has another diffraction ring in the perimeter of the direct beam. This ring is indexed
as the (0002) reflection of g-BN whose d-spacing is 3.3281A. Furthermore, the ratio of the
radii of the two outer rings is 1.73. As discussed previously this indicates that this film has
eitheir the g-BN or the w-BN structure. The existence of the (0002) reflection suggests that
a significant fraction of this film has the g-BN structure. On the contrary, the diffraction
pattern of Fig. 3a is consistent with c-BN. The (0002) reflection is not present, and the ratio
of the radii of the two diffraction rings is 1.63.

(a) (b)

Fig. 3. TEM diffraction patterns from two BN-firmns (a) c-BN (b) g-BN

A typical surface murphology and a fractured cross-section for a BN-film with a cubic
BN structure is shown in Fig. 4. The surface is smooth and featureless and the cross-s-'-,ion
shows no discernible columnar morphology.

Fig ' jEM morphology of a c-BN filnm

-I500 PMW I



604

C. Film hardness and stability
The microhardness was measured in a large number of samples. A number of them were

found to have microhardness cf between 2500kg/mm2 to 3500kg/mrm2 . However, significant
degradation in the hardness has been observed over a period of several months from the time
of growth. These studies are in progress and are going to be the subject of a future report.

D. Model of growth of the tetrahedrally coordinated phases of BN films.
The theory regarding the growth of c-BN thin films is reported in detail separately (14).

In this theory, the incorporation of vacancies (B- or N-vacancies) at the growth face changes
the relative binding energy of cubic- versus graphitic-BN so that c-BN can nucleate and
grow. ESR measurements reported separately (15) indicate that the films have a concentra-
tion of N-vancancies of about 1%. The theory also predicts that off-stoichiometric material is
generally unstable to phase separation. Whether the observed degradation in microhardness
is the result of such phase separation is currently under study.

CONCLUSIONS
BN films with structures and mechanical properties consistent with the tetrahedrally

coordinated phases (c-BN and w-BN) were produced by reactive rf diode sputtering. TEM
studies indicate that the films are polycrystalline and XRD studies indicate that the films
are either highly strained or have a crystallite size of the order of 30A. SEM microscopy
indicates that the films are dense and featureless. A degradation in microhardness over a
period of several months has been observed but tlse origin of this pl-enomenon has not been
understood yet.
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A BSTRACT

Defects in 13N thin films, produced by reactive sputtering, were investigated by Elec-
tron Paramagnetic Resonance (EPR) measurements. The EPR signals of films produced
with up to 10% N2 in the argon discharge are consistent with films having a cubic structure.
and becoming more ordered with nitrogen incorporation in the films. The concentration
of spins is in the order of 10' 9 

spins/g and they are attributed to nitrogen vacancies with
an electron trapped in. Carbon incorporation changes the EPR signal and increases thle
concentration of spins significantly. This result is consistent with the notion that carbon
doping stabilizes the electron in a nitrogen vacancy.

INTRODUCTION

Boron nitride can exists in three allotropic forms: the cubic-BN (zincblende structure).
the IICP-BN (wurtzite structure) and the graphitic-BN (graphite structure with different
stacking sequence). The first two phases are termodynamically metastable and can be
formed by the high temperature and pressure methods '1. The syntesis of this metastable
phases by vapor phase methods has been the subject of an intense interest over the past
several year [2]. Such materials are anticipated to find applications as hard coatings.

insulators and semiconductors.
In any class of materials defects play a role in determining the mechanical, thermal.

optical and electronic properties. It has been proposed recently that defects may also play
a role in the stabilization of diamond and cubic BN during the growth of these materials
at low pressures and temperatures [3,4] as well as in the stabilization of the cubic phases
of these materials during high pressures and temperatures sintering [5,6;.

Defects in bulk graphitic BN have been investigated by EPR spectroscopy !5-13, 15-
191. Two types of paramagnetic ccnter were identified [7,8]. One is due to an unpaired
electron interacting with a single "B atom (one boron center) giving rise to a four - line
EPR spectrum. The other is due to an unpaired electron interacting with three "B atoms
(three boron center) giving rise to a ten line EPR spectrum. The intensities of the lines for
the three boron center are in dhe ratio 1:3:6:10:12:12:10:6:3:1. The natural abbundance of
" B is 80.2 % and of "B is 19.8 %. The heavier isotope, which has nuclear spin l=3/2 and
nuclear g value gN = 1.792.124, determines the EPR spectrum in BN of natural isotopic
composition. Khusidman and Neshpor [9,101 suggested that the three boron centers were
nitrogen vacancies with an electron trapped in, like F-centers in alkali halides. Romelt
[11] suggested also that the unpaired electron stems from oxygen substituting nitrogen

atoms.
The role of carbon in the stabilization of the electron in the nitrogen vacancy in

graphitic boron nitride was pointed out by several authors 19,10,12-16]. Moore and Singer

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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[12' concluded that interstitial carbon is responsible for the coloring and pararnagnetioin
in h-1BN arid that impurity atoms are at least sufficient if riot necessary in creating arid
stabilizing particular defects in the lattice. The decrease in the hyperfine splitting due
to tile presence lf carbon, tip t, a complete collapse w th high carbon concen'ration, f,,.
the three boron c-iters (F-center) in h-BN was observed by Moore and Singer 712 arld
by Andrei. Katzir and S:i-s 151. This can be explained by a decrease of the degree of
delocalization on the boron nuclei of the atoms in the first coordination sphere due t,,
the presence of carbon near the nitrogen vacancy. ThLeýoretical studies on point defect,
in graphitic BN and the particular problenis of substitutional anid into.rstitial carbn
were presentea by Zunger and Katzir !14'. Carbon is believed to play a similar role ill
the zinchlende and wurtzite boron nitride as suggested by Tikhonienko, Shuliman and
Gerasimenko :18'.

File EPR spectrum of a polycrystal c-BN consists '6,17 arid 19 of a single line with g
2.0023 and peak to peak linewidth of 20 G, more recently Zhang and Chen '20 obtainel

a single line with g .- 2.002-I8 and peak to peak linewidth of 27 G.
The wurtzitic boron nitride shows a single resonance line at g = 2.0043 and peak to

peak linewidth of 22-25 G [51.
In this paper we report the first EPR studies of defects in BN and carbon doped BN

thin films grown by reactive sputtering on silicon substrates.

EXPERIMENTAL METHODS

The BN films used in this study were produced by reactive sputtering from a hexagonal
BN target in an atmosphere of argon arid nitrogen. The kinetics of growth 01i i),, as aii
other Ill-V compounds, requires that stoichiometric films can only be formed when the
flux of group V element (N) is higher than the flux of group III element (B). A set of
films was produced by varying the nitrogen partial pressure. In order to investigate the
role of carbon impurities in the EPR signals a number of films were also produced in ain
atmosphere of argon, nitrogen and methane. Films for this study were grown on silicon
(100) substrates and self supporting films were obtained by disolving the substrate in a
solution containing HF and HNO 3 . Details on the growth conditions have been reported
in the previous paper [211.

EPR measurements were carried out on an X-band Varian E9 spectrometer at room
temperature and using a 100 KHz field modulation. Different modulation amplitudes were
used in the atempt to resolve the hyperfine structure. The g-values were evaluated by"
comparison with a Mn: SrO reference. The absolute number of spins in the samples was

obtained by comparison, under the same experimental conditions, with a a, a'-diphenyl-
0-picrylbydrazyl (DPPH) reference.

EXPERIMENTAL RESULTS AND DISCUSSION

The EPR signal of the target material, pyrolitic graphitic boron nitride, is shown

in figure 1. The g value of the spectrum is 2.0029 - 0.0004, the hyperfine interaction
constant is A = 8.0 ± 0.5 Gauss and the resolution parameter is AHm,'iA = 0.5, where
AlItr is the peak to peak linewidth of a single component. From the isotropic hyperfine
interaction constant A we can evaluate ,,(0)l

2 
at the boron nuclei of atoms in the first

coordination sphere '231: 8ir

A = Tg9NOI(0) (1)
3

where g, g~v are thme electronic and nuclear g values respectively, 3, 3N are time electronic
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Figure 1: EPR spectrum for the pyrolitic graphitic BN.
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1 2: EPR signtals front samples grown at different partial N, pressure.

and nuclear Bohr magnetons and ý-(0) is the normalized wave function of the F - center
electron. We have:

1i(0)2 = 1.05 * 102
3 •-n

3  
(2)

These results are in agreement with those reported earlier )7-101.
EPR studies were conducted on BN films grown at different partial N2 pressure. Such

films are expected to have a variable concentration of nitrogen vacancies which have a sig-
nificant effect on the structure and properties of the films [21,221. More specifically. it was
found [21; that films produced in less than 10% of N2 in the sputtering discharge have the
cubic structure, while those produced at higher N2 partial pressure are soft and unstable
upon exposure to the atmosphere. The investigated samples and the.corresponding EPR
results are presented in Table I. The EPR signals for the films produced in pure argon
and in 50% argon + 50% nitrogen are presented in figure 2.

Sample %N 2  g-value AH,,P N.
SIGaussi rspins/gli

BN211 0 ý 2.0024±0.0004 i 31-1 4.40 - 10'9

BN222 5 1 2 .0025±0.0004 1 23=1 2.04 - 10'9
BN249 10 2.0025--0.0004 21=1 1.51 *10'

BN257 12 2.0029-=0.0004 18=1 1.31 10i'
BN269 1 50 2

.00
2
9=0.00

0
4 1

7
=

1  
4.04 10"

Table I. Growth condition and experimental results for different %N-.

The samples grown in less than 10% N2 show a g value consistent with the results
reported on the cubic phase of BN. At higher partial nitrogen pressure the g value is
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cons:stent with the resuhl repoted on the graphitic BN. The densit," of pa:: .
defects in the investigated n'i ms was found to depend on the partiai p-:ssure of
as indicated in figure 3. Thne ini;tal decrease of the sofn density wi:h t*he car:ial
cf N2 is consistent with the notion that the defect is a nitrogen vacancy. As d-scus-tci
in the previous paper [21i the increase in the spin density at higher partia pressure of
nitrogen may be related to the structura/ tranformation from predominantly cubic to
predominantly more defective gaphlitic structure. The decrease of the peak to peak
linew-idth with the increase of the nitrogen partial pressure, as shown in figure n , in
indicative that the film becomes more ordered with nitrogen ir-corporatit a. The g value.
the peak to peak linewidth as well as the lack of a resolved hyperrine structure aze in
general agreement with the results reported for the cubic phase of BN i6.17-20!.

As previously pointed out carbon seems to play an important role in the stabi-Ization
and/or formation of the paramagnetic center. We invesigated the effect of carbon in BN
films by varying the partial pressure of CH4 in the discharge. The investigated sa=-p'es
and the corresponding EPR results are presented in Table II. The EPR signals for the
fEims produced in 0% methane 57% carbon are presented in figure 5.

Sample % N2 %CH, g-value - H, V
SGauss: ýspinsZ's

BN249 10 0 2.0025-0.0004 I 2!x= 71- 0

I BN248 10 1 2. )320.0004 I 2 0
= 1  

3.2-.)
BN258 10 2 2.0031-0.0004 16-1 - 1.32'
B.N252 1N 5 ;. ]O35SJ.j0U]4 7=, n .: 5 - :0-0

Tarue 1i. Orowth ::niiins an:d etteimentai res :sor,.

-s an :e, -s:c
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Figure 6: gval-e- as function of partial CH4 pressure.

We observed an increase in the g value, as shown in fig. 6. wh-ich can be explained-
by the higher spin-orbit interaction due to the presence of carbon. No hyperfine splitting
was observed. Th-is can be due to disorder and/I or to the mentioned reduction of the
electronic delocslization on B neighbors. The collapse of tbe hyperfine splitting is then
the result of rapid electron exchange between the nitrogen vacancies and nearby carbon
atom or clusters of carbon atoms.

The density of paramagnetic centers increases as the partial pressure of Cl!4 increases
as shown in fig. 7. This is in agreement with the interpretation of the role of car-bon in.
stabilyzing the defects. The decrease of the peak to peak iinewidtb as the partial pressure
of CH4 increases, shown in fig. 8, can be explained by the exchange narrowing, due to the
increase of the defects concentration [,24>.
The saturation data for all the samples studied show partial inhomogeneous broadening

1.8C-
2 0

S~-' F * -

Spin density 1.2e L )

spins/g S8-IS F
4 -1S

I 9

0 1 2 3 4 5 6
%CH4

Figure 7: Density of spins as function of partial CH,4 pressure.
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Figure 8: Peak to peak linewidth as function of partial Cf1. prc-il:c.

related to disorder or uni resolves d livp crfine splitting I' his alo e x pla !i] i t . g' -t

character of the r",onance signal. A spin-lattice rclaxatin time Tl ser:!s i:. t'

of 10 5 was evaluated 125, from the saturation data of both sets ofsanples. J ,e ;:',,
grown at 5% ('1H4 has a T, one order of magnitude smaller, which is expected d, , t.,

larger concentration of defects.

CONCIUSIONS

Defects in UN films. produced by reactive sputtering in an atn,:,,sphere c,.::*-i:.:'
Ar - N, as well as Ar N\ -Cl4, were investigated by EPR measurements.

We found that films produced with up to 10%• N. in the argon dicscý,age haF. a
line EPR signals with g value and linewidth consistent with what has been 0''

high pressure cubic BN. We also observed that the concentration of spin, which arc in
order of l05" spins/g, is reduced with increasing the nitrogen pressure ir the di-cha.g,
suggesting that the paramagnetic center is a nitrogen vacancy with an electron traove:`
in. Additionally, a narrowing of the linewidth with increasing the nitrogen pre-srue i- an
indication that the structural order of the films improves with nitrogen i'icorpsratior.

Films produced at a nitrogen partial pressure higher than 10% in the argon d,'ear
show an increase in the •pin density which is inconsistent with the ration that ni'r-e,-'
incorporation reduces the number of nitrogen vacancies. Additionally. the g values in:
this filnis is 2.0029 which is characteristic of g-BN. Thus, stoiochionietric films. i.e. tll,,;
produced at high nitrogen partial pressure, have the graphitic structure, in agree:e:.
with the conclusions of the previous paper [211. The higher spin density can be accoun.ted
for by the instability of the graphitic films upon exposure to the atmosphere .2i.

Doping by carbon increases both the spin density as well as the g value in agreemnrne:t'
with the notion that carbon stabilizes the electron in the nitrogen vacancy. It is importao:o

to notice that even in our films which were not intentionally doped with carbon there
should be some impurities (i.e. C, 0) which stabilize the electron in the nitrogen vacancy.

These findings are consistent with the model that nitrogen vacancies are required to

stabilize the cubic phase of this material [3,41.
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Shown in Fig.2 is the Raman spectrum of the cBN. Here we can
see thatthe Raman scattering peak of the TO-mode is at 1045.5cmm
and the LO-mode is at 1306.5 cm-

1
, the peak intensity ratio of

the TO-mode and LO-mode is about 2, this result is consistent
with that of Ref.4. Fig.2 also demonstrates that there is a fair-
ly wide scattering band, this indicates that there exists a cer-
tain component of disordered phase in the cBN, which is respon-
sible for the high defect density obtained from the ESR measure-
ments.
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TUE EFFECTS OF SUBSTRATE BIAS AND Si DOPING

ON THE PROPERTIES OF RF SPt"TTERED BN FILMS

P.E. BANERJEE, J.S. KIM, B. CHATTERJEE, M. PLATEN AND S.S. MITRA

Thin Film Research Laboratory, Department of Electrical Engineering
University of Rhode Island, Kingston, RI 02881, USA

ABSTRACT

The effect of substrate bias on the properties of rf sputtered boron nitride films on Si and GaAs
substrate were investigated. IR transmission and reflectivity of films with different substrate bias
were measured with Perkin Elmer 983 IR spectroscopy. From the IR reflectivity data, transverse
optical mode(TO) and longitudinal optical mode(LO) frequencies were derived by fitting Kramer-
Kronig niodel. Absorption coefficient was det,'rmined from IR transmission data. The resultant TO
and LO modes showed that substrate bias caused broadening of reststrahlen band of rf sputtered
boron nitride. We also tried to dope boron nitride films with silicon by alternate sputtering of BN
and Si targets controlling sputtering time of each target followed by annealing. Electrical resistivity
was measured over the temperature range between 175 K to 370 K for both intrinsic and Si-doped
boron nitride films. Intrinsic rf sputtered boron nitride showed little change in resistivity (10' 0
cm - l10l Q cm ) over the temperature range studied- While Si doped BN showed linear change in
resistivity with increasing temperature and its activation energy was about 0.22 eV. The effect of
substrate bias was also investigated by monitoring the XPS core level spectra of both B Is and N
Is peaks, respectively. Substrate bias caused the shift of both B Is and N Is peak to higher binding
energy. The effect of substrate bias on refractive index was also studied.

i. INTRODUCTION

Boron nitride has many useful properties BN can be prepared several ways, such as sputtering[l-
2], chemical vapor deposition[3]. ion plating[4], etc. Especially in the sputtered BN films, substrate
bias has been known to affect the phase of sputtered BN. Some authors[41 have reported that
substrate bias is solely responsible for the formation of cubic phase BN while Seidel et al[2]' data
showed slight broadening of IR band on increasing bias. However not much study has been done on
the effect of substrate bias on the optical properties of sputtered BN films. Therefore we studied the
effect of substrate bias on the optical properties of rf sputtered BN films by monitoring reststrahlen
band characteristics of films prepared with various substrate bias voltage. TO and LO modes of
resultant films were calculated by Kramer-Kronig model(51 from IR reflectivity data. In addition,
XPS spectra of B Is and N Is was also taken to see how the substrate bias effect the chemical
bonding of sputtered HN. Another important aspect in the study of BN film lies in the electrical
doping. Here we attempted to dope BN with Si by alternate sputtering of BN and Si. Electrical
resistivity was measured over the temperature range for both intrinsic and Si-doped BN films.

2. EXPERIMENTAL DETAILS

Boron nitride films were sputtered from BN target(99.99%) by MRS 8667 three target sequential
rf sputtering unit. Most of films were were deposited in Ar/N 2 mixture. Films were deposited with
a rf power of 250 W both at room temperature and at 200'C. Substrates were sputter etched for
30 minutes at 200W just prior to deposition. The partial pressure of nitrogen was kept at 4.OmT
- 5.0 mT to make near-stoichiometric BN films as indicated by our earlier experiments. The total
pressure of Ar/N 2 mixture was kept fixed at 8 mTorr for all depositions. Substrate bias between
-100 V to 0 V was applied during sputtering. Deposition rate of boron nitride films varied from
19 - to 28,/min with substrate bias voltage. For doping with Si, Si was deposited at a power of

Mat. Res. Soc, Symp. Proc. Vol. 242. ' 1992 Materials Research Society
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Bias voltage(V) Refractive index
0.0 2.0

-20.0 1.9
-50.0 1.6
-100.0 1.67

Table 1: Refractive index vs. bias voltage.

7V.

I ,rtm,I 'S200 16M 1200 sw)

Figure 1: The effect of substrate bias on IR transmission of BN films

100 W in the same environment used to deposit boron nitride. After Si-doped BN was annealed
at 500'C for 30 minutes in N2 atmosphere. X-ray photoelectron spectroscopy was carried out by
Physical Electronics PHI 5500 multitechnique surface analyzer. The test chamber was pumped by
a sputter ion pump with auxiliary titanium sublimation pump and the base vacuum was about 7
x 10"I Torr. All the measurements were done in the vacuum better than 2 x 10' Torr. Mg Ko
radiation of 1253.6 eV was used as the excitation source. Analyzer energy was 71.55 eV. To avoid
the shift of peak by static charging, all peaks were referenced to Is peak of adventitious carbon at
284.6 eV, measured at an accuracy of 0.1 eV. Infrared transmission and reflectance was studied over
the wavenumber of 4000cm-' - 600cm-' by a Perkin Elmer 983 double beam IR spectrophotometer.
Refractive index was measured by ellipsometer at a wavelength of 6328A. Electrical resistivity was
measured by four point probe method using two Kiethley 616 electrometer at room temperature.
The change in resistivity with temperature increase was monitored by conventional two point probe.
Two aluminum contacts separated by the distance of 1.0 mm were deposited on BN films on A120 3
substrates by rf sputtering.

3. RESULTS AND DISCUSSION

The effect of substrate bias on refractive index of BN film is shown in Table 1. Substrate bias
seems to reduce refractive index.

Figure 1 shows IR transmission curves of BN films deposited with different bias. For all the
films, two absorption peaks characteristic to hexagonal boron nitride are found at 1378 cm-' and 780
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Figure 2: The effect of substrate bias on absorption coefficient of BN films deposited a)
Si b) GaAS substrates

cm-', which is due to B-N stretching and B-N-B bending. Films sputtered with -20V bias, showed
two additional peaks at 3400 cm-' and around 2500 cm-' which lacks in the films deposited with
higher bias. These peaks are thought to be due to N-H stretching and B-H stretching[61. Seidel et
a)[2] reported similar results. Therefore it is possible to say that substrate bias reduces the amount
of hydrogen in the films. However, we could not see any shift in both 1378 and 780 cm-' with the
change of the substrate bias.

The effect of bias on the absorption coefficient is shown in figure 2. For BN films deposited both
on Si and GaAs substrates, the absorption coefficient decreases with the increase of substrate bias.
In order to find out TO and LO modes of the films, IR reflectivity data was fitted using Kramer-
Kronig relation. Figure 3 exhibits good agreement between measured reflectivity and fitted data
by Kamer-Kronig relation for films deposited without bias. Figure 4 shows the effect of bias on the
refractive index calculated by Kramer-Kronig relation.

Table 2 lists TO and LO modes of biased and unbiased films. LO and TO modes were obtained
from the minima and maxima of modulus of the dielectric constant. As shown in table 2, there is
no shift in the position of TO mode with substrate bias. This corroborates the fact that there is no
shift in 1380 cm-' in IR transmission. Contrary to TO mode, LO mode showed a shift to higher
energy with substrate bias, thereby causing broadening of the reststrahlen band. Based on the IR
data we assume that our BN film is amorphous or nanocrystalline hexagonal. However, we have
not seen appreciable change in the structure of films except broadening of IR band with substrate
bias. Gissler et al[8] reported similar results for BN films by magnetron sputtering.

The effect of substrate heating was also studied. Although substrate heating seems to increase
the deposition rate, it has little effect on optical properties. Figure 5 shows the effect of heating on
the absorption coefficient.

Figure 6 shows XPS survey spectra of BN films deposited with -50 V substrate bias. Figure 7
shows the effect of substrate bias on XPS core level spectra of B is and N Is. Substrate bias caused
the shift of both B Is and N Is peak to higher binding energy.

BN is a wide bandgap semiconductor and it is very important to be able to control its electrical
properties. We tried to dope BN films with silicon by alternate sputtering of BN and Si targets.
Resistivity of intrinsic BN films is in the range of (10' fl cm - 1011 f cm at room temperature.
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Figure 3: Measured and fitted JR reflectance of BN films prepared with no bias.
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Figre4. heeffctofsubstrate bias Figure 5. Tbe effect of substrate heating
on refractive index of BN films on Si. on absorption coefficients of BN films.

Films LO mode TO mode

Undoped, unbiased 1728 cm' 1378 cm-'

Undoped, biased 174: cm-' 1378 c'

Table 2: LO and TO models of BN films.
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*lhe conductivity of intrinsic BN films as a function of temperature deposited with -50V substrate
bias is shown figure 6 a). There is little change in the conductivity over the temperature range

studied. The conducti%it% of Si doped BN film sputtered under the same condition is shown as a

function of temperature in figure 8 b). It shows linear increase in the conductivity with the increase
in temperature. which proves that the film is doped. Activation of Si-doped BN films was about

0 22 eV. Mishima[7] reported similar results for Si-doped n type BN films. Detailed discussion of
Si-doped BN films will be published elsewhere.

4. CONCLUSIONS

The effects of substrate bias on the propertiers of rf sputtered BN film has been investigated

for both undoped and Si-doped BN. Reststrahlen band was calculated using Kramer-Kronig model
from IR reflectivity data. Substrate bias is seen to cause broadening of reststrahlen band of rf
sputtered BN. It is also shown that doping of BN Si can be achieved by alternate sputtering of BN

and Si. Linear increase in the conductivity of Si doped film with temperature increase showed that
fin-•ri doped Itc a, iration energy was about 0.22 -V.
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SUBMILLIMETER OPTICAL PROPERTIES OF HEXAGONAL
BORON NITRIDE

A. J. Gatesman, R. H. Giles and J. Waldman
Department of Physics and Applied Physics
University of Massachusetts • Lowell
Lowell, MA 01854

ABSTRACT

The submillimeter optical properties of hot-pressed boron nitride with a hexagonal crystal
structure were studied at room temperature from approximately 20 cm-1 to 120 cm-t (500o1m -
84 pm) with a Fourier Transform Spectrometer. Several grades were studied and probed both
parallel and perpendicular to the material's optic axis. The material was found to behave as a
negatively uniaxial birefringeni crystal. In one case, the birefringence (An = ne - no,) was quite
large with a value of -0.152. The material's absorption properties were also studied. For

certain grades, a modest dichroism was observed. The low absorption (cx < 1 cmt) for grade A
at frequencies below 38 cmI suggests the possibility for millimeter/submillimeter wave
applications. Results are compared with data by other researchers on related materials.

INTRODUCTION

Boron nitride (BN) has received considerable attention within the last few years due to its
favorable mechanical, electrical, optical and chemical properties over a wide range of
temperatures. BN crystallizes in two forms; cubic (zinc blende) and hexagonal structures. BN
films grown by processes such as CVD and sputtering have the cubic crystal structure (similar
to that of GaAs). This material is used in applications such as transmitting substrates for X-ray
lithography masks, high quality insulating films for metal-insulator-superconductor (MIS)
structures, and coatings to increase the hardness of materials. 1 The material used in this study
was hot-pressed BN where the raw material is subjected to a high uniaxial compressive force at
an elevated temperature. This results in an orderly arrangement of the boron and nitrogen atoms
(a structure similar to that of graphite, see Figure 1). Boron nitride has previously been studied
in the ultraviolet, optical, infrared, and microwave frequencies.2.3,4 Its low absorption
coefficient in the microwave has made BN a candidate for window material for gyrotrons, free
electron lasers and reentry vehicle communication systems.4'5 This paper reports the optical
properties of hexagonal BN (h-BN) in the submillimeter region of the spectrum.

A material with a hexagonal crystal structure is known to be optically anisotropic with a
single optic axis coinciding with the axis of crystal symmetry.* In this case, the dielectric
constant E is a 3 x 3 tensor. The dielectric tensor can be shown to be symmetric 7 and the nine
components reduce to six where Eij = Ei forj * i. Furthermore, there exists an orientation of the
cartesian coordinate system where its axes are alined with the material's preferred axes (i.e. in
the hexagonal case, one of the cartesian axes alined with the optic axis). This coordinate system
is referred to as the principal set of axes and the six components of e will reduce to three (Ex, E5,

ec) where the off axis elements are zero.

*Materials with a tetragonal. trigonal or hexagonal crystal structure have a single optic axis and are said to be uniaxial.
Orthorhomhic. monoclinic and triclinic systems have two optic axes and are said to he biaxial. The remaining

crystallographic system. cuhic, is optically isotropic.
6

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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With the cartesian coordinate system alined along the materials's preferred axes as in
Figure 1, v, will equal E, due to the degree of symmetry inherent in the hexagonal crystal
structure. In this case, the x axis is the axis of symmetry (the optic axis) and the planes of
atoms are in the y-z plane. This leaves the dielectric constant (or equivalently the complex
refractive index, n - ik) to be determined for just two cases; (1) the electric field parallel to the x
axis and (2) the electric field in the y-z plane.

I lot pressed hexagonal boron nitride was obtained in four grades (A, HP, M, M26) from
The Carborundumi Co. in Niagara Fall, NY. Two samples per grade were provided; one whose
flat surface was parallel to the crystal planes and one whose flat surface was perpendicular to the
crystal planes. With a controlled incident linear state of polarization, the response of both
pairallel and perpendicular directions to the optic axis could be probed.r-f-4

planies of atom

y)- 
z

Figure I Orientation of the cartesian cooridinate system to coincide with the material's
pretlrred axis and the arrangement of planes of atoms

EXPERI MI-NTAI,

The optic axis of the parallel cut samples is obviously normal to the sample surface. For
normally incident radiation, these disks were expected to behave as optically isotropic materials-
The optic axis of the perpendicular cut samples lay somewhere along a diameter and had to be
located. This direction was determined in the following manner. 513pm radiation from a CO,,
optically pumped sUbmillimeter laser was propagated through a pair of wiregrid polarizers, the
wires oriented orthogonally with respect to one another. The BN sample, mounted in a
computer controlled rotation stage, was situated between the two wiregrids as shown in Figure
2.

5t3plin_

laser

RN
WG I WG2

Figure 2 Experiment to determine the location of the optic axis on
the perpendicular cut samples

The laser radiation, linearly polarized by WG I, was incident on the BN which was rotated while
the detector collected intensity data. In general, the birefringent properties of the perpendicular
cut ,N depolarized the incident linear state of polarization and WG2 passed a portion of this to
the detector. I lohwver, when the optic axis of the BN crystal was parallel or perpendicular to
the wires of WG 1, the linear state incident on the BN remained polarized since this state probed
only r. or v'., tnt a combination of both. For these orientations (obviously four orientations per
sample) WG2 reflected all radiation incident upon it and the intensity at the detector was zero.
This procedure allowed for the determination of the two orthogonal axes in the plane of each
perpendicular cut sample to within two degrees.
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InI order to diSttirgUiSh the Op~tic axis, a Fourier Transform Spectrometer was employed
['1011 IS C11 1 10 t1 IS C11 1-. Ott instrument has been optimized for long, wave l-,_! cL d
colloct ion hvr-in,, 81 Iimlit helittim cooled silicon bolomele with a coxýler low- p~i s filter as the
detector. Data was collected wvith a resoluition of 0. 1 cm 1 A pair oft wiregrid polarizers
Collfi cujred with their wires parallel were positioned in front of the BN to insure a well defined
linear state incident on the material. Twelve spectra were collected in total. The first four were
grades A, Ill', %l and N126 itt the parallel orientation. The remaining eight were the four grades

with the opitic axis parallel and perpenidictular to the incident linearly polarized radiation. The
tranlsmissiont spectra for grades A antd N126 in the perpendicular orientation are sonin Fitgure

0.9 III 0

0.5 p vL's& T __T 0.4~-- ~ _

1 1-- -T I
0.9 __-_ FI 0.9 : _

Grd etrodnr [xs Grad oriay xs

04' 0.4 -

0.- 5 0.27
04'-. 0.4-

0.____ 0.1.-- -

0.10 -H iA

18 38 fr5unc 781 98 118 18 38 58 78~ 98 118

Grade M26 (extraordinary anis) Grade M26 (ordinary axis)

Spectra for gratdes l IP and M tn the perpendicular orientation are similar to (butt riot identical) to
the N126 spectra atnd are not shown. 1The spectra of the parallel cut samples are not shown as
they were nea rlv identicail to one ol the Iwo perpendicular cut samples (as expected) and wfer
useful onilv ill deterninumti which axis was the extraordinary (optic) axis and wkhich one was the
oirditnary axis. Grade A is interestingt becautse (Of its lower loss and M26 is interesting because of'
its dichroic behavior. Both of these polints will be returned to later in the Results anid Discussont
sectioin.

Oc)rivation of the Optical 11roperties

T[le material's refractive index 11, and absoirption coefficient (x. wecre both determined
front the tran sminss ivi ty data. Characteristic of all of the spectra is the rapid osc illation which is
caused by the interference between the frtont and back surfaces of the sattple (channel spectra).
A transmnission mnaximia occtrs when an integral number of wavelengths within the material
eq nLMS twice the thmicknIess:
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ni kn 2t,

where k., equals Z/n and i = 0, 1, 2, 3.... or written another way: n = 2 where v is the

frequency in cuti 1. The thickness of the samples were measured with an uncertainty of
±0.0001" (±3Im). With the order number and location in frequency of each of the maxima
determined, a value of n could then be associated with each peak of the spectra. Values of n for
the extraordinary (optic) axis and perpendicular to it (ordir.,ry axis) are given in Figure 4 and are
labelled n,. and it,, respectively. The uncertainty in n is ± 0.0X)6 and is due primarily to the
uncertainty in the material's thickness (8t/t 0.(X)3).

R-alp t ,I the Ieihctice IndeX It
(tI 4 Grade A IBwr•)r Nitride Real part of the Refractive Index for

21 rade 1iP Ioron Nited,2.10? " .... .... ..... .... .... .L ......... ..
2N' 2.0.....

2 I1i2

206

22 20N

2 / 200
(•2 9 ' . . . . . . . . . . . . . .

I I

4S 11 2v e X' ,e 7l Xe 11i 9I X 196 1823 28133 3 434 U t 1• 1 (0 i, -I
Ihiuetv cU -t frequency cm I

FitiurC 4a Figure 4b

Roal p'rt ,I thi lf!raicle tivcn x ior
Gfade NI lfun Nit~

.' <+2 Real Parr of the Rcfrac:tive rider fir

2 t Grade M26 ltoriro Nitrtde

... .. .. .. ... .. .. 2 M.. . .. .. ..* . .. .

2.04

"202
I 972OO

S/ ,+tO
1 ,2 ..................... .. t

190

Six 20
S p ittc-i cll"I frequency cm- IFigure 4c Figure 4d

Calculation of the material's absorption cioefficient, cc, as a function of frequency was
performned in the following way. First realize that the transmissivity T through a homogeneous
e alon of uniform thickness is a function of the compieA refra, Isc liide&x, it 1, ts., ",Id tile
;Os ;as ele n tht:

TPt = (in, k, t, X).

For eachi peak in the spectra. in, t, k and T are known. This leaves the a single unknoýn,
k. it) he determined ((x = 4ttk/X). A value of k at a given peak is found by increasing k front )

Until a Modelled Vahle OI'f die transinissivity (I
T

iodel) using the appropriate n, t and ý., matches

file experimental value. Values of the absorption coefficient ox are given for the four grades in
I'iture 5.
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Ah-mI- -1,aMt G 1,11

It N -,I

FlitireC 5a [iaure 5b

Fijeure 5,: FiLire :,i

'Fihe Uncertaity ll QV it( di-fficu It to calculate because it cannot be solved anal vIica li in termni of

T' .pt k, and t. FHowever. since the major source of error in (x is the uncertainty in T,,t,&
can be estimated in the following mianner. The accuracy of the transmiissivitv data is !5 0.02.
After at value of k is found at at particular peak that reproduces the data, it is th~en varied agai n

tcither hig her or lower) until Tn act - T~~> 0.02. This value of k is cailled k 1,, 1, and an

eStillnate in the Ulicertaintv in k is givect by k -k,.~ The corresponding uncertaintv in (x is
indicated by the error bars onl two data points itt each of the plots. Two bars are ci ven to
indicate anly sloiw chan-tes int the utncertainty with frequency.

RE'SILTS AND) DISCU'SSION

The birefringence was found to he roughly constant in this frequency range for all of tite
grades. VaIlues of' Ali were -01. 1W -0.098, -.0.165, and -0. 152 for grades A. IlIP, M arid N126
respectively. Optical protperties ttf related ceramics also show at strong birefringetice.
Alkitmitititti Oxide ltas a rhomlbohed(ral cr','stal structure and is therefore a uniaxial Material. \nl
lots beCult ncas tired by Ref'. X to be 0.36 at 1001 cmi 1. Beryll iunm Oxide with it hexagonal crystal
strlicture wais found ito bave at birefrirttetene9 of 0. 144 at 100 cmt1. Onc difference betweenl
thesctlae tIa icil antd ht- IN is that It- BN e~ti hits at Iegative hi nefri ngence.
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All graides of B)N situdied ss ctc to nIld to e xh ibit dicbroic behavior to some degree as can
be Ween inl H enrcl 5. Inl erades A. M, and M-26, the djchrojsin (Act = o,- (x,,) is seen to he
11(leqneiic dependentI si itli 1licreasing valuecs towards shorter waselengths. (i~ade 1113 is the onis
ece5cption Wi ith Aix barel lvIatigcr thai thie titice rtai nty at the longest wavelengths studied. Iii all
cases the absorption nicasured for the electric field parallel to the optic axiN wkaN found to be
L're atcr that the absorption for the electrtic tielId perpendicular to the optic axis and so the
dliehronstnl is said to be positise:.

For lows loss applications iii the subniillinteter, grade A possesses the most desirable
priiperties. Its refractive index remlains roughily constant over the frequency range studied and it
csliibits the lc~iot :tbstirptionl of the tourl gr'AdCS Sttidied (ot 1 crn' at freLqueticieS •ý;38 CMn

l lex act nal B oroni Nitride, a wkide handJmap sem iconducto r, has recei 'ed recent a tte nt ion
ill the tit illiitmetcr/Subin~lilliiiicter spectral1 region due to its manty desirable prolperties. Several
grtades of h- B)N %%ecrc obtaintied tromi 'I le Carborn nduni Comnparty and lthei r roomt temnperatuire
opt icalI prope i-tiis wecre stutdied fromxi INS ciii I I 8 cm 1 . The refractivse index ni and absorpt ion
coefficieni t os %crc dicIr~liti iid Ill the Nubitiillitneter The material wvas foutid to possess a

tea su rable hire trimi e ice. an nilli sonic ia ses, exitibited a slight dichroic behiasior. For low loss
:Ii at io11ns Ill tI AleIi ii ill tie te r. grade A aippears to be the most desirable skith the loss e t

:ibsorption coct! diiin of the grades stud6Cie.
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ABSTRACT

This paper describes the thermoelectric properties of amorphous or
polycrystalline boron and boron phosphide films prepared using chemical
vapor deposition and molecular beam deposition. The temperature dependencies
of electrical conductivity of a-B and distorted B1 3 P2 films obey the Mott's
rule of loga vs T-' 4 , while those of polycrystalline BP films have linear
relationship between logo vs T` . The a-B and B1 3 P2 films have high
electric resistivity and show p-type conductors while BP film shows n-type
condutor. The estimated thermoelectric figure of merit of boron phosphide
film As compatible to that of sintered specimen, but there remains some
problems for a-B to alter.

1.INTRODUCTION

Boron-based semiconductors are refractory semiconductors and are divided
into two categories, i.e., boron rich semiconductors derived from four
crystalline boron modifications and Il1-V compound semiconductors of BP and
RAs. One of their common characteristics is high thermoelectric power, which
is promising for high temperature thermoelectric devices. The formation of
p-n junction is required for thermoelectric device, but there exist
some problems.

The undoped boron shows p-type conductor and it is very difficult to
prEpare n-type boron rich semiconductors by doping [1,2,3). As for boron
phosphide, its single crystalline wafer has high thermoelectric power[4),but
the thermal conductivity is also high[5,6] which reduces thermoelectric
figure of merit of Ix1O-"/K[7]. Then BP single crystalline wafer is not
?pplicable to thermoelectric device. The thermal conductivity of BP sintered
polycrystal[B] is smaller than that of single crystslline wafer, which would
expect to increase the figure of merit. However thermoelectric power of BP
sinterd specimen depends on the purity of starting powder[7]. We have
obtained high thermoelectric power and high figure of merit using high
purity BP powder prepared by hydroisostatic pressnig[7]. In this case it is
very difficult to obtain n-type BP sintered specimen.

Then we have chosen boron film for p-type material and BP polycrystalline
film for n-type material as a first step to integrate f'.e thermoelectric
device.

The present paper describes such thermoelectric properties as electric
conductivity and thermoelectric power of boron and boron phosphide
amorphous or polycrystalline films by molecular beam method and by
,:hemical vapor deposition.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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2.Experimental Procedure

2.1 The preparation of thin films
The BP thin films were prepared on sapphire substrate by thermal decom-

position of a B2 H6 -PH 3 mixture in hydrogen atmosphere[4]. BP film was
made at gas flow rates of 20, 500 and 2500 cc/min, for B2 H6 (1% in H2 ),
PH3 (5% in H2 ) and H2 , respectively, in the temperature of 800'C, 900'C and
10009C at a deposition time of 1.5hr. X-ray diffraction pattern of the
film grown at 800'C contains a-B phase, while others show BP single phase
with the lattice constant of a.= 4 .5 4 A. The boron thin films were
prepared by molecular beam evaporation method. The schematic diagiam of
apparatus(Eiko Engineering, EV-10) is shown in Fig.1.

Fluorescent -Substrole To punnpscreen i RHEED~u

SB P2

Eleciron/

bem gU" Gos cell Ia, PH3 gas

Fig.1 Schematic illustration of molecular beam deposition of boron and
boron pnictide films.

The vacuum chamber was evacuated by titanium sublimation pump and an oil
diffusion pump systems, and the ultimate pressure was lxlO-' Torr. The
sapphire substrate was fixed on sheet heater and was heated up to 800'C.
After the substrate was cleaned at 800*C for lhr in vacuum of Ix10-OTorr,
boron was evaporated by an electron gun in the vacuum of IxO-'-IxlO-
Torr with an incident frequency of l.50x1 1O 6cm- 2 s'.

Boron rod used in the experiment was prepared by zone melting process
using halogen-lump image furnace. The analysis of impurities of boron rod
is shown in Table 1.

Table 1 Impurity analysis of boron rod used in the experiment(ppm).
Na M Al Si Ca Cr N Fe Ni Cu 1Cd Sn
(1 (0.11 40 28 0.6 <0.1[<0.1 70 3 0.1 0.2 <0.5

These impurities except for Fe were lost during vacuum evaporation
process, which is confirmed by ICP-MS method. Then the obtained film is
high purity. RHEED pattern of boron film indicates distorted crystalline
pattern but that of X-ray diffraction shows amorphous.

Boron evaporated by an electron beam gun and P2 molecular flux by
cracking of PH3 (20% in hydrogen) were supplied simultaneously on the
substrate as shown in Fig.1, and boron phosphide film was deposited on the
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sapphire substrate at 8009C. The deposition was performed with the PH3 flow
rate of -1.Occ/min under the vacuum of -5xlO-'Torr, which is upper limit
of the operation of electron beam gun. The composition of films determined
using an electron probe microanalyser shows near the composition,B 1 3 P2
phase[93 being consistent with X-ray diffraction pattern. However,the RHEED
and X-ray diffraction patterns of boron pnictide film indicate distorted
crystalline structure.

2.2 Measurement of thermoelectric properties
Ohmic contacts of the films were made by evaporated of Al, followed by

annealing in argon at 400C for lhr. Block diagram of the apparatus for
thermoelectric measurement is the same as the literature[lO]. Electrical
conductivity of the films were measured by two terminal method at tempera-
ture between room temperature and 600rC under argon atmosphere.
Thermoelectric voltage between hot and cold junctions was measured under
constant temperature gradient of 2-39C.

3. EXPERIMENTAL RESULT AND DISCUSSION

Electrical conductivity of boron film varies from IxlO- 4 S-cm' at room
temperature to 0.8 S-cm' at 870K. By applying logo vs li/T plot, we
obtained Eg=O.6eV, which is much smaller than other amorphous boron film.

On the other hand the present boron film is amorphous, so that the
electric condition is expected to be due to hopping condition.

Mott[11] has derived the equation for hopping conduction
a = a. exp[ -( T./T)1/ 4 ] (1)

where a. and T. are constants. The plots of logo of a-B film as a
function of T-1 4 is shown in Fig.2.

The observed values show a good linear relation between logo and T-"4 ,
and values of a.=l.OxlO' 5 S-cm-' and T.=1.3xlO9 K are obtained. T. is
given as a function of the density of localized states at Fermi level
N(EF)

T. = 16 3 /k N(EF) (2)

* No.

* No2

I0- 0* No 3

F5

100.2 F

1004

018 020 022 0 I0 0 20 3'0 4 0

T-1/4 (K-1/4 ) 10 / T I(K-')

Fig.2 Dependence of conductivity Fig.3 Temperature dependence of
on T-" 4 , No.4:a-B, No.5:B1 3 P2 . conductivity of BP films by CVD

process, No.I:Ts=800,
No.2:Ts= 900*C No.3:Ts=1000*C.
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where t is the exponential decay factor of localized states (E t 5A).From t
he value of T. and Eq.(2), N(EF)=l.lxl01 8 cm-3 eV'- are obtained, which
is in good agreement with the value for amorphous boron films
3.8xlO1 8 co'-eV'[12] and for amorphous boron bulk -l*0'cm- 3 "eV-' [13]. Also
T.=6.1XIO9 K and N(EF)=2.4xlOI~cm- 3 .eV-1 are obtained for distorted B1 3 P2 thin
films. The evaporation of phosphorus from the film during growth process would
be probable in the present boron pnictide film, which produces the deviation
from the composition of B1 3 P2 . The Hall measurement of the present boron
pnictide film indicates as low mobility of 1.8 cm2 /s-V as a-B film. Then the
conduction of the present boron and boron pnictide films could be explained by
hopping conduction between icosahedron of boron. Temperature dependencies of
conductivity of boron phosphide films are shown in Fig.3. The conductivity of
the present BP films are smaller than those of single crystalline BP wafers
[4], but the activation energy of conduction are almost same values of
0.18-0.20eV as single crystalline wafers.

Temperature dependences of thermoelectric power for boron and boron
phosphide films are shown in Fig.4. The thermoelectric power of boron and
boron pnictide films show p-type conduction. They could not be measured below
600K because they were too small in comparison with the electrical noise in
these temperature range. The maximum value of 600AV/K for a-B film at 650K
decreases rapidly down to the minimum values of 270 AV/K at 800K, which
indicates the formation of donors. The thermoelectric powers reported for bulk
boron[14-16] show a large peak at lower temperature, compared with those for
boron film, which would be explained by higher concentrations of impurities or
defects in amorphous boron films.

600- No 2
* No 3
o No4
* No5

400

>200 • •

-200

-400

-600
300 500 700 900

TI(K

Fig.4 Temperature dependences of thermoelectric power of boron and boron
phosphide films, symbols correspond to those in Fig.2 and 3.

Nakamura[12] prepared amorphous boron films containing carbon impurities by
pyrolysis of decaborane in molecular flow region and also reported
rapid increase of thermoelectric power from 107AV/K at 230rC to a maximum
value of 4001AV/K at a 4271C and gradual decrease to 310AV/K at 730C.
The present boron film is high purity with high resistivity so that such
pronounce peak in thermoelectric power would not be observed.

Boron phosphide thin films show n-type conductor, which would be caused
by excess phosphorus in BP. The absolute thermoelectric power increases in
increasing temperature which behavior is similar to that of single
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Fig.5 Electric power factor as a function of temperature, symbols
correspond to those in Fig.4.
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crystalline wafer[4,7]. This is due to the fact that electron concentration
ranges impurity region and the Fermi energy lowers by the electron supply
from donor level in increasing temperature. This is consistent with the

behavior of temperature dependence of electrical conductivity. The
thermoelectric power of BP films grown at 800"C and IOOOC tend to saturate
in increasing temperature. The absolute thermoelectric power of BP film
grown at 8O0"C is lower than that of grown at 900C, which would be caused
by the compensation of the hole by boron phase. Contrarily, the BP film
grown at lOOOC show single phase, then hole would begin to be thermally
excited by inter band transition, which transition temperature to decrease
thermoelectric power would be high because of wide bandgap(2.OeV) of BP.

The temperature dependencies of electric power factor, a 2c of these
films are shown in Fig.5. The efficiency of energy conversion of thermo-
electric device becomes high at larger figure of merit and at high
temperature. Figure of merit for material is defined of as

Z = Z 2 0 / K (3)
where x is the thermal conductivity.

Our previous results on the thermal conductivity of sinterf BP[7]
indicates almost constant values of -0.05 W/cm-K at entire temperature up to
80OK, which is due to phonon scattering at grain boundary. When we use the
thermal conductivity of the present BP films for O.05W/cm.K, the figure of
merit of BP film grown at 800tC and 900'C is to be -1.Ox1O-'/K at high
temperature, which is compatible to that of sintered BP specimen [7].

Contrarily, the conductivity of a-B[13] at room temperature spreads from
8x10-3 to 3xlO-W/cm-K because of uncertainty of amorphous on the atomic s-ale
and the microstructure such as crack or void, but it increases in raising
temperature. The thermal conductivity of amorphous boron is assumed to be
lxlO-3 W/cm.K, thermoelectric figure of merit in the present a-B film shows
the order of 10-6/K being one order smaller than that of BP film.
Nakamura [12) found that a-B films containing 0.5-I carbon at.% vary from
8xlO- 2 S-cm-' at 300K to 30 S-cm-' at IO00K. Then the present a-B film would
increase the electrical conductivity by about two order of magnitude without
the thermoelectric figure of merit about up to 1O-'/K.

4.CONCLUSION

We have prepared p-type amorphous boron and distorted polycrystalline boron
pnictide thin films by molecular beam deposition, and n-type polycrystalline
BP films by chemical vapor deposition and have measured the thermoelectric
properties of these films. The calculated thermoelectric figure of merit
for BP film is to be lxlO-/K, which is compatible to that of BP sintered
specimen. The estimated thermoelectric figure of merit for a-B film is smaller
than that for BP by one order magnitude,but it would expect to be compatible
to BP film by doping carbon.
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ABSTRACT

Boron carbide films have been fabricated from pentaborane (BsH,) and
methane using plasma enhanced chemical vapor deposition (PECVD).
Availability of high quality specimens has facilitated analysis of electronic and
optical properties. We have undertaken measurements of photoluminescence
spectra and infra-red band-edge absorption. Results show that the bandgap is
strongly influenced by the ratio of boron to carbon. There is evidence for the
existence of shallow trapping levels.

INTRODUCTION

There are many potential applications for boron carbide due to its
hardness and temperature stability. Many possible phases have been
identified 11.21. Initial efforts to fabricate boron carbide employed intense
heat and pressure, resulting in films stable for 9-20% carbon. More recent
experiments using CVD have increased the range of attainable compositions to
over 40% carbon 131. In combining pentaborane(9) with methane at low
pressures and temperatures, we have produced some highly uniform films
which are suitable for electronic and optical measurements. Using PECVD.
we and others have shown that composition of boron carbide films can be
controlled over a wide range by adjusting reactant partial pressures 14.51.

EXPERIMENTAL

Deposition of the films was performed in PECVD apparatus described
previously 151. Plate separation was approximately one inch. Temperature.
deposition time, total pressure, and microwave power were held constant as
the partial pressure ratio of the two reactants was varied over the range of
approximately 0. 1 to 10. Growth temperatures and pressures were
approximately 4000C and 50 reTorr respectively. Two types of substrates
were used: silicon and high temperature glass.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society



638

Measurements of composition were perforrmed on all of the stable films
by Auger electron spectroscopy. The system was calibrated using the boron
179 eV line and the carbon 272 eV line of a B4C standard. Art sputtering was
used to profile the films. A set of films with measured composition was used
fo, a!'I fuithijr ,XpeI iclints.

Most of the films were about one tenth micron thick. Measurements of
film thickness were greatly influenced by substrate warp and thickness
variations. To reduce this error, Auger profiling was limited by a mask to a 2
mm square. The depth of this sputtered square was measured using a Sloan
Dektak profiler. Auger profile data was then calibrated to this measured
depth.

Optical absorption spectra for several of the film samples were made
using a Cary Model 14 Spectraphotometer. over the wavelength range of 0.4-
1.6 trm. The absorption band edge and its shape were used to determine
bandgap 16.71.

Photoluminescence measurements were performed using a one meter
dual grating spectrometer. Room temperature spectra were done using a 200
mW 514.5 nm laser. Measurements at 12 K were done using a 15 mW 632.8
nm laser. Film compositions for spectra shown were approximately 2%
carbon.

RESULTS

Optical absorption data, in the form (.E)1/2, was plotted as a function
of energy. Here E is energy in units of eV. and a is absorption coefficient in
units of l/rim . Extrapolation of this curve to zero gives the optical gap 16.71.
Figure 1 shows a typical absorption curve for a film with a boron:carbon ratio
of approximately 48: 1; extrapolation to zero shows that the optical bandgap is
1.77 eV. Using this method for films over our entire composition range
indicates that bandgap varies monotonically over a range of 0.8 eV to 1.77
eV, as shown in Figure 2. Films with the least carbon have the highest
bandgap.
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640

ntensty

100

600 700

WCvelengtr (nm)

Figure 3. Photoluminescence spectrum taken at 300 K.

30004

intensity

1000

0

600 700 800

Wavelength (nm)

Figure 4. Photoluminescence spectrum taken at 12 K.
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Photoluminescence measurements of high bandgap films are shown in
Figures 3 and 4. From 300 K to 12 K, FWHM of the photoluminescence
peaks changes from 0.39 eV to 0.14 eV. The peak position changes from
1.73 eV to 1.76 eV over the same temperature range. We interpret the
photoluminescence data at 12K to indicate that the bandgap is 1.76 eV.
Additional sharp features occur at 1.71 eV. 1.70 eV, 1.65 eV, and 1.64 eV.

DISCUSSION

Theories about the structure of boron carbides in the stable 9-20w
carbon range are based on twelve atom boron-rich icosahedra with connecting
chains of boron and carbon atoms 18). Most measured conductivities in this
composition range are above 1 (Q-cm)- 1 at 300K, which is very high 191.
Electronic transport involves the connecting chains of atoms or substitutional
carbon in the icosahedra [91. It has been suggested that carbon precipitates in
substantial quantity dominate DC electronic transport I101. Conductivity vs
composition measurements performed in this work indicate that there may be
a heterogeneous population of carriers, but that in all cases conductivities
were below 10-6 (Q-cm)-' I II1. This may be attributable to the presence of a
tetragonal phase. about which little is known 1121.

Low temperature photoluminescence data for boron rich boron carbide
provides a bandgap of 1.76 cV. This is in good agreement with the optical
absorption edge measurement data shown in Figure 2. The low temperature
photoluminescence spectrum in Figure 4 suggests the presence of additional
shallow trapping levels, visible as sharp peaks. The deep acceptor level first
suggested in 1131 was absent, weak, or non-radiative.

CONCLUSION

We have used PECVD, a novel thin film technology, to fabricate boron
carbide films of sufficient quality to undertake electronic and optical
measurements of material properties. This method uses PECVD of a
carborane cluster combined with methane to yield films whose bandgap
depends on composition. Two types of measurements used to plovide
quantitative bandgap data provide very similar results for one of the films.
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ABSTRACT

The formation of submicron crystals of boron carbide (B4 C) by rapid carbothermal
reduction of intimately mixed carbon-boron oxide precursor powders in an aerosol flow reactor
at temperatures above the boiling point of boron oxide is investigated. The employed high
heating rates (105 K/s) of the process force release of gaseous boron oxide and suboxides and
rupture of the precursor particles resulting in formation of boron carbide molecular clusters that
grow to macroscopic particles by coagulation. Consequently, the formation and growth of
B4C particles is described by simultaneous interparticle collision and coalescence using a two-
dimensional distribution model that traces the evolution of both size and shape characteristics ot
the particles through their volume and surface area. Here, in addition to the coagulation term.
the governintg population balance equation includes a coalescence contribution based on B4C
sintering law. The predicted evolution of the two-dimensional particle size distribution leads to
a direct characterization of morphology as well as the average size and polydispersity of the
powders. Furthermore, model predictions of the volume and surface area of boron carbide
particles can be directly compared with experimental data of B4 C specific surface area and grain
size.

INTRODUCTION

There is substantial interest in the manufacture of boron carbide (B 4C) due to its high
hardness and various desirable chemical and electrical properties [1]. Conventional methods
for manufacturing boron carbide involve the reduction of boron oxide with carbon in a batch
electric arc furnace [2]. These processes are characterized by slow, nonuniform heating,
chemical impurities, and subsequent processing complications. Recently, Weimer et al. [1]
described a rapid carbothermal reduction process in a flow reactor configuration for
continuously manufacturing submicron crystals of boron carbide. A uniform solid mixture of

calcined corn starch (carbon "soot") and boron oxide is milled to particles of less than 45 lpm.
These particles are suspended in argon gas and fed into a (. 14 m I.D. x 1.68 m long graphite
flow reactor which is maintained at approximately 22tM K [1]. Additional argon gas is fed
around the particle inlet to mitigate deposits to reactor walls. The precursor particles contain
carbon and boron oxide in stoichiometric amounts that convert to boron carbide according to:

7C(s) + 2B 20 3 (0, g) = B4C(s) + 6CO(g) (1)

As the particles enter the reactor they are heated to a temperature which is below the biling
point of carbon but above the boiling point of boron oxide, 2133 K [13. The reactor
temperature is also above the temperature, 1733 K, at which liquid boron oxide is reduced to

gaseous boron oxide in the presence of carbon [4]. As a result, rapid heating (lt15 K's [5])
promotes rapid volatilization of B20 3 and release of CO from the precursor particles, forcing
particle rupture in a similar fashion to the breakup of coal particles in pulverized coal
combustion [6].

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Assuming instantaneous breakup of precursor particles and formation of boron carbide
clusters, particle formation and growth can be modeled by simultaneous coagulation and
coalescence. 'fIhis paper studies formation and growth of boron carbide particles by the rapid
carbothermal reduction process using a two-dimensional size distribution model. The predicted
B4C grain (crystallite) sizes are compared with experimental data.

THEORY

A two-dimensional particle size distribution function is defined as n1(va) where nt(v,a)dadv
is the number density of particles having volume between v and v + dv and surface area in the
range a to a + da at time t. For an aerosol that is rapidly formed by gas phase reaction at high
temperatures, the rate of change in n.(va) is given by the rate of simultaneous coagulation and
coalescence among aerosol particles. The two-dimensional population balance equation can be
written in a continuous tomi as [7, 8J:

ant(v,a) 1 / 3 V (V 2/3a Qoo) ao + (3 Vo } ao) fig,,.,ý,a-a•)nt(\)a-)nt(v-•i,a-a~daidv

at 2 0  2S 0 t

-nt(va) Jiv •a,a~nt(,V,a-)dadv dn,(v,a)_ + 1 a ([a- (M_)2
ý
3aolnt(v a)

- v f v at tf aa V0

where v, and aO are the volume and surface area respectively, of a primary spherical particle.
An agglomerate of volume v is thus composed of vfv,, primary partic)e". Its surface area lies
between that of a perfect sphere when complete coalescence has taken plac,.e. (v'v,,)2 3a,, and
that of an aggregate of primary particles just touching one another. (viv,)a,.

The first right-hand-side (RHS) term of Eqn. 2 accounts for the gain of particles of volume

v and surface area a by coagulation of smaller particles. The step function 0 is introduced
because a particle of volume v produced by collision between particles of volume V arnd v -
cannot have upon contact surface area less than the sumn of the surface area of the two particles.
Only coalescence can reduce the resulting particle surface area to the theoretical minimum, i.e.
that of a sphere of volume v. The second RHS term in Eqn. 2 accounts for the loss of particles

ofv ilume v and surfice area a by coagulation with all particulate entities. li, the coagulation
,oefficient, is a function of the particle volume and surface area of the colliding particles. In
this study, Fuchs expression for the Brownian coagulation coefficient covering the w&-hole size
regime [9, 10] is used with corrections taking into account the variable cross sectional area [8].

The third RHS term in Eqn. 2 is the sintering contribution related through the continuity
quation to a linear approximation of the sintering law ;s expressed by the surface area

reduction rate [7]. The characteristic sintering time, T1, depends on the B14C sintering
mechantsm. Boron carbide and other covalently-bonded solids such as SiC and Si\N4 sinter
hy solid-state diffusional processes [111. For solid-state diffusion, the charaicteristit sinteritig
time of two equal-sized grains of diameter dg is given by [12]:

Tf (I kBT-, dg3 0 •)

D*Qy

whcre DW is the self-diff'usion coefficient fbr tte mobile species, Q is the atomtic volurnict of the

diffusing material, and y is the surface energy. There is little data on pressureless sintering of
boron carbide in the absence of additives and to the best of the authors' knowledec. the D' and
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y of B4C have not been reported in the literature. Excess carbon enhances self-diffusion in
both SiC and B4C. van Rijswijk and Shanefield [13] showed that in a carbon-rich atmosphere,
the bulk-diffusion rate ofsilicon substantially increases such that carbon self-diffusion
becomes slower and, as a result, rate controlling. This results in an 100-fold increase in the
overall self-diffusion rate of SiC. If excess carbon has the same effect on boron carbide self-
diffusion, the silicon carbide self-diffusion coefficient in a carbon-rich atmosphere can be used
as a first approximation in describing the B4 C sintering. From Fig. I of [13], an expression
for the B4 C self-diffusion coefficient is deduced as:

D*= O.3exP{- 53,6481 (4)

The carbon vacancy volume Q is calculated as 3.64 x 1(0.23 cm 3 .
The surface energy of B4 C also needs to be estimated from related compounds, preferably

covalent carbides such as SiC and TiC. Livey and Murray [14] found that the surface energies
of the carbides of Zr, U, Ti and Ta show a linear relationship with the heat of formation of
these carbides. They reported the surface energy of TiC at 1373 K as 1190 + 35(0 dyne/cm.
Assuming that B4 C and SiC also follow approximately the same relationship, then their surface
energies can be estimated from their heat of formation and the surface energy and heat of
formation of the refractory monocarbides. Dean [151 gives the heat of formation values for
B4C, SiC and TiC as -17,-17.5, -44.0 kcal/mole, respectively. According to the above
reasoning, B4 C and SiC should have about the same surface energy: - 10M() dyne/cm. Using
these estimated values of D* and y, a quantitative expression of the characteristic sintering time
for B4 C is obtained:

"t = 97Tdg3 ex, -53,6481 (5)

where a constant 5/80 is used to equate Eqn. 3 [12]. The average grain size within an
agglomerate of volume v and surface area a can be obtained from:

d g-v (6)

Equation 2 is a two-dimensional partial integro-differential equation that needs to be solved
numerically. A one-dimensional sectional method [16. 17] is extended to include the surface
area dimension [8]. This results in a set of ordinary differential equations (ODEs) that are
solved using an efficient ODEs solver, subroutine IVPAG [ 18].

RESULTS AND DISCUSSION

Tables I and II of Weimer et al. [1] list the experimental runs made at reactor temperatures
abowe the boiling point of lxron oxide (-2133 K). From the measured specific surface area an
experimentally determined average grain size of the product B4C powders can be obtained:

dg- (7)
IppA

where the particle density p1, is 2.52 g/cm 3 for B4C and A is the measured specific surface
area.
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Since the powder feeding rate was kept constant, the average size and morphology of
product B4 C powders are affected by the argon feeding rate and reactor temperature. A higher
argon flow rate means a shorter reactor residence time period, resulting in smaller average

product particle sizes. While increasing temperature enhances the coagulation rate (p a Tl12), it

decreases the residence time more profoundly (t a T-1). Consequently, for a given argon flow
rate, the agglomerate particle size decreases with increasing temperature. With respect to
particle morphology, increasing both the reactor residence time and temperature promotes
coalescence and subsequently increases the grain/crystallite size of the final product.

Figure 1 shows two snapshots of the number density of B4 C agglomerates in the two-
dimensional space of particle volume and surface area at 2173 K and residence times 0.2 s and
1.12 s (product), respectively. The number of agglomerate B4C particles is reduced by
coagulation and consequently the average agglomerate size increases as the residence time
increases from 0.2 to 1.12 s. It is worth noting that coagulation greatly depletes the small
particles but does very little in increasing the size of the large ones over this time period. The
two-dimensional distribution is bound by the two heavy solid lines. The diagonal line
corresponds to aggregates consisting of B4C primary particles just touching one another upon
collision without sintering (the collision line). The line on the left corresponds to fully
coalesced B4 C particles (the coalescence line). Therefore, the grain size of B4C agglomerates
increases from the collision to the coalescence line as the initially aggregated clusters are
progressively densified by sintering of the primary particles in the cluster.

2173K, 0.2s 2173K , 1.Is

Figure 1. Number density of B4C agglomerates at 2173 K and residence times 0.2 s and
1. 12 s, respectively, in the two-dimensional space of particle volume and surface area.

Temperature has a much stronger effect on the particle coalescence rate than on the particle
collision rate as indicated by the exponential temperature dependence of the characteristic
sintering time of B4 C (Eqn. 5). The two-dimensional particle size distribution shifts towards
the coalescence line as temperature increases indicating more progressed particle sintering at
high temperatures. For agglomerates of the same volume, there are relatively more particles
having low surface area (large grains, Eqn. 6) at high temperatures. If ftvorable sintering
conditions are sustained, the agglomerates eventually approach a spherical geometry and their
surface area becomes proportional to v 2

/3 (coalescence line). Indeed, the simulations show that
the average B4C grain size is dg (0.06 lim at 2173 Kand 1. 12 s while at 2373 Kand 0.71 s
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dg = 0.09 jim. In contrast, the corresponding mean solid sphere diameter of the agglomerate

particles is 0.44 gim at 2173 K and 0.37 tim at 2373 K at the above residence times. This
model prediction is in qualitative agreement with micrographs of B4C powders made at the
above temperatures [1].

Figure 2 compares model predictions of the B4C average grain size as a function of
temperature with experimental data [1]. Clearly, the equivalent solid sphere diameter of the
agglomerate particles is much larger than the grain size. The two-dimensional model (triangles)
predicts correctly the grain growth trend. Quantitative agreement with experimental data is
excellent, in view of the estimated B4C sintering rates (diffusivity and surface energy). When
the sintering rate is increased by a factor of 10, model predictions (squares) match the
experimental data (stars). Thus, the present two-dimensional particle size distribution model
can be used to infer effective sintering rates from experimental measurements. This is
particularly valuable for ceramic materials whose sintering rate expressions are often
unavailable.

StExperimental Data

0.5

E Agglomerate Size

-0.3

N

u0.2 i" Grain Size
"(10 x sintering rate)

t• • dg
0.1 Grain Size

0.0
2150 2200 2250 2300 23,50 24 0

Reactor Temperature, T(K)

Figure 2. Comparison of model predicted average grain size of the B4C powders with
experimental data.

CONCLUSIONS

The formation of submicron crystals of boron carbide by the rapid carbothermal reduction
of solid precursors in an aerosol flow reactor is investigated. At temperatures above the boiling
point of boron oxide (2133 K) and high heating rates (I(5 K/s), B4C molecular clusters are
formed instantaneously and they grow to macroscopic particles by coagulation and
coalescence. This formation and growth process is modeled by a two-dimensional aerosol
distribution model that traces the evolution of both size and shape characteristics of particles
through their volume and surface area. Model predictions for the average volume and
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grain/crystallite size of the product B4C powders are in excellent agreement with experimental
micrographs and specific surface area data. The effect of temperature and residence time on
particle size and morphology is also adequately represented by the model. In fact, it is the first
time that a model of both sound theoretical background and numerical feasibility has been
developed and used to predict the grain/crystallite size growth during gas phase particulate
manufacture.
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ABSTRACT

A review is given on recent progress in amorphous and microcrystalline silicon-
carbide (a-SiC, ic-SiC) semiconductors and their technological applications to optoe-
lectronic functional devices. Firstly, some significant properties in this alloy as a new
synthetic material are pointed out with recent advances of thin film technologies, such as
plasma CVD, ECR-CVD and ion-beam CVD etc. There exists an energy gap controlla-
bility from 1.7eV to 3.6 eV with retaining the valency electron control from n-type through
i- to p-type semiconductors. While its conductivity can also be controlled more than ten
order of magnitudes, e.g., from 109to 102 Scm ' by controlling the impurity doping and
preparation conditions.

Secondly, a series of technical data on the electronic and optoelectronic properties
of a-Si, C.and lic-SiC are demonstrated from recent achievements. In the final part of
the paper, current state of the art in the field of optoelectronic applications from live
technologies on amorphous silicon solar cells, a-SiC visible light LED and EL devices
are reviewed. A technological evolution from "microelectronics" to "macroelectron-
icsý' wi! be discu'sced

INTRODUCTION

Since the recent success of valency electron control in the glow discharge-pro-
duced amorphous silicon carbon alloy (a-SiC:H) in 1981 [1], a new age in amorphous
silicon alloys has opened up, and a group of new materials such as amorphous silicon-
germanium (a-SiGe:H), amorphous silicon-nitride (a-SiN:H) and amorphous silicon-tin
(a-SiSn:H) have been successively developed in the past few years. The significance of
this material innovation is that one can control electrical, optical and also opto-electronic
properties by controlling atomic compositions in the mixed alloys. Therefore, a wide
variety of application fields has also been developed with these new electronic materi-
als. In fact, a-SiC:!1/a-Si:H heterojunction solar cells (2], a-Si:H/a-SiGe:H stacked solar
cells [3], superlattice devices [4], a-Si:H/a-SiN:H thin film transistors [5], photo-receptors
[6], X-ray sensor [7), color sensors [8], etc. have been developed, and some of them are
already being marketed.

In the recent few years~an intensive effort has been made to realize a-SiC:H TFLED
(Thin Film Light Emitting Diode) and TFEL (Thin Film Electroluminescence) devices,
which would have a number of attractive advantages such as low power dissipation,
capability of large-area multi-color emission, and completelysolid state flat panel modu-
lar display. As a result, a visible light injection type EL device has been developed with
the cell structure of a-SiC:H p-i-n junction, and the emission colors of red, orange, yellow
and green are obtained by controlling the carbon content in a-SiC:H [9], [10]. Recently,
Toyama et al have succeeded in obtaining blue color emission with a thin-film intrinsic
EL structure of TCO/Y2O,/a-C:H (amorphous carbon)/a-SiN, :H/Y 2O,/A1 with luminance
intensity of more than 30 cd/m2 at 1 80V,•, 10kHz [11). In this paper, recent advances in
the a-SiC and pc-SiC film technologies are reviewed from material preparation technolo-
gies to their applications to optoelectronic functional devices.

Mat. Res. Soc. Symp. Proc. Vol. 242. , 1992 Materials Research Society
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TOPICS OF THE MATERIAL PREPARATION TECHNOLOGY

As the preparation technology for a-SiC alloy, the plasma CVD is now widely util-
ized everywhere. While ECR CVD and Ion-beam CVD (IB-CVD) are intensively investi-
gated in a recent few years.

Figure 1 (a) shows a schematic illustration of the ECR CVD apparatus. Microwave
power at 2.45 GHz is introduced into the ECR plasma excitation chamber through a
rectangular wave guide through a window made of fused quarts plate. The ECR excita-
tion chamber forms a cylindrical resonator of TEl,, mode of the introduced microwave.
In the system, the magnetic flux required for satisfying the electron cyclotron resonance
condition is about 875 Gauss at the center of the magnetic coil. The generated ECR
plasma is extracted from the ECR excitation chamber into the deposition chamber along
with the gradient of dispersed magnetic field as shown in Fig. (b). The extracted ECR
plasma interacts with the reaction gas introduced into the deposition chamber and de-

composes them ,that is, produces active species for film growth.
The unique advantage of the ECR CVD is that the growing surface receives almost

no bombardment damages by electrons and/or other heavy species soft landing having
an energy of several tens of eV [12] . This effect might result not only in prevention of
weak bonds from being introduced into the network but also suppression of the diffusion
of long-lifetime radical species due to the raised surface temperature. It is expected that
films with dense network and low defect density are formed.

For the deposition of a-SiC and plc-SiC, hydrogen is used as an ECR plasma exci-
tation gas, and a mixture of Sil-I., CH, and B26 or PH, are usually employed as a reac-
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Fig, I A schematic diagram of ECR (Electron Cyclotron
Resonance) plasma CVI) system (a) and the profile of the
maglnetic field for the extraction of the plasma from the
excitation chamber into the deposition chamber (b).
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tion gas for the growth of p- and n-type SiC:H. Details of the preparation conditions are

summarized in Table 1. Since the operation pressure is in the range of 10 3 and 104

Torr, the lifetime of chemically active hydrogen radicals is quite long, so that a large

amount of hydrogen radicals will reach the growing surface and play an important role in

determining the properties of growing films. Therefore, the dependence of the material
properties on the hydrogen dilution ratio in the reaction gas has been investigated.

Figure 2 shows the dependence of the optical energy gap and dark conductivity of the

samples on the H, dilution ratio. As the ratio increases, the optical gap (E,) and also the
dark-conductivity (T,) of both p- and n-type films increase.

"rable I. Preparation conditions of p-type amorphous and
micrncrystal SiC in ECR plasma CVD.

ushatrate Temperature R.T. - 400*C

Mlcrowave Power 150 - 400 W

Total (a.s Pressure 10 - 10-4 Torr

Plasma evcitation Gas (flow rate) : 12 (10 - 100 sccM)

Reaction Gas (Flow rate) SSIll4  (10 - 50 sccm)

C114 (10 50 sccm)

B2116 (40 - 100 sccm)

licrowave Frequency 2.45 0lHz

Magnetic Flux Density 875 gauss

10'
p jac-SIc:H n jic-SIC:H A Z

B2H, 1 PH3 1 7_
B2NA = I% %/E

SiH'fCH4 SIH4,+'CH4 A m 100

0 / ,, 0

0 0
O - A- 0 0

Z 0Y

0 0 ; 0

90 80 70 60 50 40O 40 50 60 70 80 90
"!'2 

H 2S-i 4- C H , 0iH , - EH ,.

Fig. 2 Dependence (if the optical energy gap and dlark
conductivities of V- and n- type Vac-SiC:tlI on) the hydrogen
dilution ratio in the reaction gas in ECR CVD.
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As can be seen from Fig.2, there are two main factors which determine the optical
energy gap; one is the composition ratio of Si:C:H corresponding to the source gas ratio
CH,/SiH,, and the other is the grade of H, dilution which might be related to the details of
the network structure. The film properties are strongly dependent not only on the sub-
strate temperature and microwave power but also on the ratio of hydrogen to reaction
gases (H/(CH,+SiH,) during deposition. Although the optical energy gap increases with
the flow rate of CH,, the effect is not as remarkable as the dependence of hydrogen
dilution. Hydrogen dilution has the effect of reducing the hydrogen content in the film,
and also of enhancing the degree of microcrystallinity.

The formation of Si and SiC microcrystallites is confirmed by Raman spectra as
mentioned in the original work [121. The Raman spectrum of the films prepared at micro-
wave powers higher than 250 Watts exhibits distinct structures at around 520 and 740
cm , which correspond to TO phonon modes of crystalline Si and SiC clusters.

The conductivity of pc-SiC:H can also be controlled by adjusting the flow ratio of
dopant gas to host reaction gas. Figure 3 shows the dependence of the optical energy
gap and dark conductivity of pc-SiC:H prepared by ECR CVD on the flow ratio of BH, p-
type doping gas. Here, the h'dogen dilution ratio is kept constant at 74. The data for p
a-SiC:H prepared by RF plasma CVD are also shown for comparison. The carbon
content x in both the cases is about 0.3. It is clear that the total doping efficiency in p Pc-
SiC:H is higher than that in p a-SiC:H by several orders of magnitude.

Figure 4 summarizes the relation between the dark conductivity and the optical
energy gap of p- and n-type a-SiC:H prepared by conventional RF plasma CVD and p-
and n-type 1tc-SiC:H prepared by ECR plasma CVD. As the optical energy gap in-
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creases, the dark conductivity of the films prepared by the RF plasma CVD rapidly de-
creases, while that of the films prepared by the ECR plasma CVO remains higher than
10-' Scm' even when the optical energy gap exceeds 2.5 eV. In the figure, the star
marked highly H, diluted p-type pc-SiC :I film has more than 3x 0' cmI hole concentra-
tions with 24 cm'/Vs mobility which are identified by Hall measurements [12].

Another topics in the material preparation technology field is the IBD (Ion Beam
Deposition) method [13]. A high stability film against the light induced degradation with
high deposition rate is still important key issue in the field. To conquer these problems,
tremendous R&D efforts have been in progress by the wide varieties of approaches,
e.g.; the Chemical Annealing Treatment (CAT) [14], Intense Xenon Light Pulse Assisted
Plasma CVD [15], IBD and so on. Among these, IBD method is a unique challenge in
views of a wide range controllability on both hydrogen content and decomposed species
ion energy.

Figure 5 shows a schematic illustration of the IBD system. A typical a-Si film
growth condition in this system is: the ion acceleration voltage V, =100-300V, ionic
current I, with voltage V. are 0.8A at 400V, and substrate temperature T =100-300°C,
while chamber base pressure is 10' Torr or less.

As the preliminary experiment, a systematic investigations on the undoped a-Si
film deposition has been made by a series of deposition parameters. The result shows
a considerably good film quality having 101-106 photo- to dark-conductivity ratio o,,/o,
with optical energy gaps of 1.7-1.8 eV. A noticeable feature of IBD produced film is a
better stability against light exposure. Figure 6 shows a comparison of changes in the
photoconductivity ,ph with AM1 light illumination for IBD produced film and conventional
plasma CVD produced film [13]. As a summary of this section, Fig.7 shows plots of
recent results of dark (, and photoconductivity o, of a-Si alloys with their optical energy
gap.
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APPLICATION TO a-Si SOLAR CELL TECHNOLOGY

An improvement in cell efficiency is of prime importance, which is directly con-
nected to cost-reduction in photovoltaic systems. A wide variety of R & D efforts have
been in progress from the field of material preparation technology to device structure,
and also to PV system engineering. Among these, a remarkable advances has been
seen in the technology of the wide gap windows heterojunction, graded band profiling, d
doping. superlattice, BSF treatment and also the stacked junctions with new materials
such as a-SiC, lic-SiC alloys [1,2,3]. As the results, amorphous silicon solar cell effi-
ciency is being improved day by day. Present day, a utilization ,) a-SiC as the wide gap
window has become the routine technology for high efficiency solar cells. According to
a recont histogram of several thousands modules mass-production data (161, the In-line
efficiency has reached to 9%, and several institutes reported more than 10% efficiency
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for the 100cm, or more area as the top data in recent few years. While, the laboratory
phase efficiencies are more than 12% with a-SiC/a-Si heterojunction.

As it has been reported elsewhere [17] that the amount of percentage light induced
degradation increase with increasing i-layer thickness. The reason is that the volume
recom'sination of the photo-generated carriers become relatively large with decreasing
the lowest electric field in the i-layer. For the purpose of suppressing this effect, the
tandem type solar cell has been recommended as a more reliable a-Si solar cell. Figure
8 shows light induced change in the conversion efficiencies of a-Si single, a-Si/a-Si
tandem and a-SiC/a-Si/a-SiGe triple tandem solar cells [18].
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0. v TANDM

o . a-SI SINGLE J.--S0.8

i . __Lsnj _____________ t__t_________
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Fig. R Light-induced change in conventional efficiencies of
single. tandeem, and triple a-Si solar cells which is
nornalized to initial values. (invened triangles: a-Si single
cell, triangles: a-Si/a-Si tandem cell, squares: a-Si/a-Si/a-
Si~e triple cell).

Recently, a concept of the band profiling design has been initiated as an optimum
design of the ambipolar carrier transport in i-layer of the multi-band gap junction. As an
example cf result, band profile of the a-SiC/a-Si/a-SiGe triple band gap tandem solar cell
is illustrated in Fig.9 with its photovoltaic performance [18]. At the present stage of
investigation on a-Si/poly Si tandem junctions, a conversion efficiency of 15.04% with
Vo=1.478V, J,,=16.17mA/cm' and FF=63% has been obtained on a two-teminal cell of

1 1441'V 1 7rn'e1

1, P h f, ff' n t Ph
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Fig. 9 (a) Ilandgap profile (if a Si('/a- Fig. 9 (b) Voltage-current and solar cell
Si/a-Si(;e nitilti bandgap stacked solar characteristics of a-SiC/a-Si/a-Si(;e
cell. mulhi-handgap stacked solar cell.
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sensitive area 5x6mm2 under AM1 illumination. Quite recently, by the same combina-
tion on ijur-terminal cell 19.1% efficiency has been obtained by Ma Wen et al. as shown
in Fig10 (19].
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PROGRESS IN TFLED's PERFORMANCE

Full use of the significances of the wide area priduccability with a wide band gap
controllability and also the valency electron controllability in a-SiC alloys, thin film visible
color light emitting diode (TFLED) has been developed in the recent few years [10].
Figure 11 shows a typical junction structure of the TFLED.

An injection type electroluminescence occurs under the forward biased condition,
as it does in crystalline LED's. The thicknesses of p-type and n-type a-SiC:H carrier
injector layers are usually spt at 150A and 300A, respectively. Due to the limitation of
the valency electron controllability of high band gap a-SiC:H, the optical band gap of the
p and n injection layers has to be kept as low as 2 eV, while for a visible emission the
optical band gap of the i-layer shouid be larger than about 2.5eV. This implies the
existence of notch barriers at the p/i (AE.) and i/n (AE) interfaces. These band disconti-

I rSni

Fig. I I Schematic illustration of p a-SiC:11/i a-SiC:1I/n a-
SiC:l I thin filn ILED formed on glass/IfO/SnO? substrate.
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nuities have been estimated from the results of internal photoemission measurement
120). For inslance, for E, of i layer = 2.58eV and E. of p-, n- layer = 2.00eV, the conduc-
lion band discontinuity of AE at the i/n interface and the valence band discontinuity AE,
at the p/i interface are 0.19 eV and 0.48 eV, respectively.

Figure 12 shows logarithmic plots of the J-V characteristics measured at room
temperature for various optical gaps of i-layers (2.58, 2.68, 2.97 and 3.25 eV.). In these
samples, the thickness of the i-layer was set at 500A. As can be seen in the data, even
though a-SiC:H is employed as the i-layer, the rectification ratio of more than 10' is
obtained at 8 V for the sample with E. = 2.58 eV. However, it should be noted that when
the optical gap - in other words, the carbon content - of the i-layer increases, the thresh-
old voltage which is here defined as the voltage required to give a current of 10' A/cm'
increases markedly. This may be partly due to the increase of series resistance in the i-
layer itself and to the increase of the barrier height at both p/i and i/n interfaces.

An attempt has been made to improve the carrier injection efficiency by two ap-
proaches. One is to utilize wide-gap with highly-conductive p type Pc (microcrystalline)-
SiC:H as an injector; this was produced by Electron Cyclotron Resonance (ECR)
plasma CVD. The result shows that as the optical energy gap of p-layer increases, the
EL spectrum shifts towards a shorter wavelength and the emitting color changes drasti-
cally from red to orange and then to yellow. The highest luminance of a yellow-emission
LED achieved so far on this device structure was about 10 cd/mi, with an injection cur-
rent density of 10OmA/cm' and bias voltage of 1OV.

Another approach to the improvement of LED performance is a use of hot carrier
tunneling injection (HIT) through an insulating (wide band gap) layer at either the p/i or i/
n interface, or at both the interfaces [20, 21 ]. For the a-SiC material, a wide band gap a-
SiC:H (E, = 3.5eV) and a near-stoichiometric a-SiN:H (E, = 5eV) can be utilized profita-
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bly as the insulating layer. The silicon nitride layer was formed by the conventional
plasma CVD with the use of a 1:9 SiH4-NH, gas mixture. When an electric field is
applied to LED provided with such insulation layers, the electric field will be mainly ap-
plied across the thin insulating layers. This high electric field accelerates carriers, then,
increases the concentration of carriers injected into the conduction or valence band of
the i-layer; we thereby call the insulating layers hot-carrier tunneling injector (HTI) lay-
ers. Moreover, a decrease in the electric field in the i-layer due to the presence of HTI
layers would result in the reduction of field-quenching effects of radiative recombination,
and eventually a significant improvement of the LED performance could be expected
with the utilization of HTI layers.

Figure 13 demonstrates the luminance in LEDs with the HTI structure. The pa-
rameter in the figure - for example, 100/300/100 - shows that the thickness of the a-
SiC:H HTI layer at the p/i interface is 100 A, that of the luminescent i-layer, 300A, and
that of the HTI layer at the i/n interface, iooA. As can be seen in the figure, the lumi-
nance of the LEDs based on the HTI structure is higher than that of a conventional type
by more than one order of magnitude. With this novel structure, the luminance was
improved to about 20cd/cm' with injection current density of about 600 mA/cm, for a
yellow-emission LED. An essentially similar result has been obtained with the use of
HTI layers based upon near-stoichiometric a-SiN:H, although the optimum thickness is
about half of that in the case of a-SiC HTI layer, presumably due to the wider band gap.
By combing a new preparation technology such as ECR microcrystalline SiC, with new
device structures - e.g., superlattice i-layer and stacked p-i-n/p-i-n etc.[21, 22] we hope
that the final goal of the luminance for practical use of more than 50 cd/m2 can be
achieved in the near future.
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a-C:Hl TFEL DEVICE

Another interesting device developed by a-SiC alloys is an ac driven Thin Film
Electroluminescent (TFEL) cell. The device is constructed with multilayers of glass/ITO/
SnO,/YO (3000A)/a-SiC:H or a-C:H (2.8-3.0eV, 1 000A)/a-SiN:H (500A)/Y,03 (3000A)/
Al. Semi-insulating Y,O, layers were deposited by electron beam evaporation. Dielec-
tric constants for Y,O and a-SiN:H are roughly estimated to be 16 and 8. respectively.
In this multilayer cell configuration, a blue light emission in a-C:H active layer has been
observed [11]. Figure 14 shows the luminance-voltage characteristics of a-C:H TFEL
devices under operation with a 10kHz sinusoidal ac voltage with a photograph demon-
stration. The blue-emission cell shows the maximum luminance of 30cd/m, with an
efficiency in excess of 10,lm/W. A series of material selection trials on insulator layers
shows that YO, layer may play an important role in injecting excess electrons (more
than 10eC/cm, at 10kHz operation) into the active luminescent a-C:H layer. An insertion
of a-SiN:H is also essential for the blue shift of the emission spectrum [23].

Comparing the EL performances of a-C:H cells with that of a-SiC:H cells, the a-C:H
devices has about one order of magnitude higher emission with higher EL peak energy
by 0.36 eV. That is, the emission color of whitish orange in a-SiC:H cells shifts to hlue in
a-C:H cells. Moreover, the a-C:fi EL device has a threshold voltage lower by 40 V_
than that of the a-SiC:H EL device. This may be due to a lower dielectric constant of a-
C:H (about 2.2); a greater electric field is distributed across the luminescent layer before
the onset of emission.

The emission spectrum of the a-C:H TFEL device is compared with the PL spec-
trum in Fig. 15. The EL spectrum has several structures, in sharp contrast to featureless
PI_ spectrum. The peak positions have no unique dependence on the total device thick-
ness or on details of the multi-layered structure, excluding optical interference from
possible interpretations. The dominant EL peak energy lies at 2.4 eV, which is very
close to the PL peak energy. This peak corresponds to greenish blue, while total emis-
sion color identified by the naked eye is a purer blue, presumably due to the contribution
from higher energy subpeaks in the EL spectrum.
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As it has been discussed in the former sections, the significance of amorphous
semiconductors is that they are free from difficulty in epitaxial growth, which is indis-
pensble for growth of crystalline materals. Therefore, these new materials can be de-
posited easily with uniform on a wide surface of any foreign material, facilitating process-
ing and mass production. Amorphous silicon alloys have enabled us to produce large
area integrated solar cells even 40cmx I20cm "NEDO" size module and also manufac-
ture of large area TFT matrixes for driving liquid crystal TV units. The TFLED and TFEL
devices might be a promising candidate for solid state display panel for HDTV.

Overviewing these advancement of material Innovation, a new kind of evolution
has been going on in the field of semiconductor electronics. Stated simply, these devel-
opments point to the emergence of a new technology which could be called "macro-
electronics", as opposed to "microelectronics". In response to this new trend, a tech-
nological innovation has taken place in semiconductor material science from the "bulk
crystalline age" to that of high-quality "multilayered thin film age". In the near future,
this innovation will be spread not only to fields in semiconductors, but also in those
related to all functional materials of dielectrics, thin-film superconductors, etc. As pre-
cursors of technological innovations in the 21 st century, new "waves" in these and other
fields are well worth watching. How big and what kinds of new flowers and fruits will
bloom on new trees? It will be great fun to watch.

REFERENCES

11] Y. Hamakawa and Y. Tawada. Int J Solar Energy, 1 (1982) 251
[21 Y. Tawada, M. Kondo, H1. Okamoto and Y. Hamakawa Solar Energy Mat.. 6 (1982) 299.
131 S R. Ovshinsky. MRS 1985 Spring Meeting, San Francisco (1985) 251.
(4) S. Tsuda, H. Talui. T. Matsuyama, I-. Haku. K. Watanabe. Y. Nakashima, S Nakano and Y Ku-

wano: Proc. 2nd Int Photovoltaic Science and Engineering Conf., Beijing (1986) 409.
[51 for eýample, JARECT, ed. by Y. Itlamakawa (Ohm-Sha & North-Holland, Tokyo and Amsterdam,

1983) 6. p.252
161 I. Shimizu. J. Non-Cryst Solids, 77&78 (1985) 1363,
[7J Wei Gunag-Pu. fl. Okamoto and Y Hamakawa: Jpn J Appl. Phys., 24 (1985) 1105
181 S. Nakano, T. Fukatsu. M Takeuc'i. S Nakajima and Y Kuwano Proc 3rd Sensor Symposium,

Tsukuba (1983) 97.
[91 D Kruangam, T. Endo. fl. Okamoto and Y. Hamakawa: Jpn. J Appl. Phys. 24 (1985) L806
1101 Y. Hamakawa, D. Kruangam, T. Yoyama, M Yoshimi. S M. Paasche and H Okamoto Int. J. Op-

toelectronics Devices and Technology, 4 (1989) 281.
1ill Y. Hamakawa. T Toyama and H Okamoto. Proc. 1st Int. Cont on Amorphous Semiconductor

Technology, Ashevill (1989) 180.
1121 Y. Itamakawa. Y. Matsumoto, G. Ilirata and I.i. Okamoto MRS Proc. 164 (1990) 291
1131 Y I lamakawa. K Ilattori arid I.1 Okamoto a-Si Solar Cell Contractors Meeting. Sunshine Project,

MITI, May 8-10 (1990)
(141 1t. Shirai. 0. Das, J IHanna and I Shimizu: Tech Digest ot PVSEC-5, Kyoto (1990) 59
(151 Y Tawada arid 1t. Yamagishi: a-Si Solar Cell Contractors Meeting, Sunshine Project. MITI, May 8-

10(1990)
1161 for example, S. Tsuda. N. Nakamura, K. Watanabe, T Takahama, H. Nishiwaki, M Ohnishi and Y

Kuwano Solar Cells, 9 (1983) 25.
(171 Y I tamakawa Proc. Eurolorum - New Energy Congress -, 1, Saarbrucken (1988) 194.
1181 Y. Nakata. H Sannomiya, S Moriuchi, Y Inoue. K. Komoto. A. Yokota, M. Itoh and T Tsuji Int J

Optoeleclroriics Devices and Technology. 5 (1990) 209.
(191 W. Ma, T tloriuchi. M Yo.lhiri, K. Hlatori. ft. Okamoto and Y. Hamakawa Proc. 22nd IEEE PVSC

(lobe published)
1201 t) Kruangam. M !)egichi, r Toyama, it Okamoto and Y Itlamakawa IEEE Trans Electron

Device,;, ED-35 (1988) 957
f2ll S Paas.he, T loynria. II Okamoto and Y flamakawa IEEE Trans Electron Devices, ED-36

(1989) 2895
1221 1). Krniangam, M l)egiichi, T Endo. If. Okamoto and Y tiamakawa Extended Abstracts of 18th Int

Conrf Solid Stale Devices and Materials, Tokyo (1986) 683
1231 1I Shimi.u, M Yoshimi, K I lattori, It Okamoto and Y Hamakawa Proc 14th ICAS, Garmisch

Part'irkricthen (1991) (to be published)



663

HIGH-QUALITY AMORPHOUS SILICON CARBIDE PREPARED BY A NEW
FABRICATION METHOD FOR A WINDOW P-LAYER OF SOLAR CELLS
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S.Tsuda, H.Nishiwaki, S.Nakano and Y.Kuwano

Sanyo Electric Co.,Ltd., Functional Materials Research Center
1-18-13, Hashiridani, Hirakata, Osaka, 573, Japan

ABSTRACT

A total area conversion efficiency of 11.1% has been achieved
for a 10cmxlOcm integrated-type single-junction a-Si solar cell
submodule using a high-quality wide-bandgap p-layer doped with
B(CH3 )3• and other advanced techniques. This is the highest
conversion efficiency ever reported for an a-Si solar cell with an
area of 100cm2 . As for a multi-junction solar cell, 12.1% was
obtained for a Icm2 cell with a high-quality wide-bandgap a-Si
i-layer. The layer was fabricated by a hydrogen dilution method at a
low substrate temperature for a front active layer of an a-Si/a-Si/
a-SiGe stacked solar cell.

For further improvement in conversion efficiency, a wider-
bandgap a-SiC was developed using a novel plasma CVD method, called
the CPM (Controlled Plasma Magnetron) method. From XPS and IR
measurements, the resultant films were found to have high Si-C bond
density and low Si-H bond density. p-type a-SiC was fabricated using
the post-doping technique, and dark conductivity more than
10-'(Q .cm)-1 was obtained (Eopt 3• 2eV ; Eopt 2 • 2.2eV), whereas that
of conventional p-type a-SiC is less than 10-6(Q -cm)- 1. These
properties are very promising for application to the p-layers of
advanced a-Si solar cells.

INTRODUCTION

It is necessary for us to establish a clean energy system that
will not destroy the global environment. Solar cells, therefore,
are receiving much attention as a clean energy source. Amorphous
silicon (a-Si) solar cells have many attractive features, such as
low fabrication cost and large area availability. Thus, intensive
research efforts have been concentrated on developing a-Si solar
cells, especially on improvements in conversion efficiency. For this
purpose, the development of a high-quality wide-bandgap material is
very important, because it is used as the window layer of an a-Si
solar cell or the front active layer of a multi-junction solar cell.
Consequently, many investigations have been performed in this area.

In 1981, a p-type a-SiC/i/n a-Si solar cell was first proposed
by the Hamakawa group, resulting in a considerable increase in
conversion efficiency[ 1]. Since then, much research has been
performed to obtain high-quality p-type a-SiC for high-performance
a-Si solar cells and other devices as shown in Table I. p-type a-SiC
doped with B(CH4,).3 has excellent properties for the window layer of
a-Si solar cell[ 2]. Recently, we achieved the highest conversion
efficiency of 11.1% for a l0cmxl0cm integrated-type single-junction
a-Si solar cell submodule using p-type a-SiC doped with B(CH 3 )3 and
other advanced techniques including:(I) the "Super Chamber" method;
(2) a highly-textured TCO; (3) an ultra-thin
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Table 1 History of a-SiC and related devices

1977 79 81 83 85 87 89 91

undoped (Dundee) photo-CVD (TIT) ECR (Osaka)

Preparation t t t
methods valency control (Osaka) H-dilution (ETL) Pulse-discharge (Fuji:

Separated chamber (1ayo) HR-CVD (TIT) 8 -dope (TIT)

L
M + t
S Doping BFF (SERI) 8(CH3)3 (Sanyo)

B2H0 . Pl, (Osaka)

t +
Super lattice undoped, GD (TIT) doped, photo-CVD (Sanyo)

D t
E Solar cells hetero junction (Osaka) superlattice structure (Sanyo)
I

C t t t
E Others EL (TIT) HBT (TIT) EL (Visible Light:Osaka;

1977 79 81 83 85 87 89 91
Year

interface layer; and (4) a low-damage laser patterning process.
For further improvement in conversion efficiency, multi-

junction solar cells have been investigated. Usually, a-Si or a-SiC
are used as a front active layer in multi-junction solar cells.
However, there is the problem that film properties deteriorate with
increasing optical bandgap. Recently, high-quality a-SiC alloys
were reported[3], but their opto-electric properties were still
inferior to those of a-Si. Therefore, wide-bandgap high-quality
a-Si films without carbon were studied using the hydrogen dilution
method at a low substrate temperature [4]. Through this method and
other advanced technologies, a conversion efficiency of 12.1% was
obtained for a 1cm 2  a-Si/a-Si/a-SiGe stacked solar cell.

For further improvement in conversion efficiency, wider-bandgap
materials were also developed. A more transparent and conductive
p-layer was fabricated using a novel plasma CVD method, called the
CPM (Controlled Plasma Magnetron) method[ 5] and a post-doping
technique. IR (infrared) measurements and XPS (X-ray Photoelectron
Spectroscopy) studies showed that these films have a high Si-C bond
density and a low Si-H bond density. The absorption coefficients of
these films were about one order of magnitude lower than those of
conventional a-SiC, and a dark conductivity of 1.4x10-( Q -.cm)-' was
obtained.

In this paper, we propose some useful techniques for obtaining
high-quality wide-bandgap a-SiC or a-Si. First, several excellent
properties of p-type a-SiC doped with B(CH3 )3 are described. Second,
high-quality wide-bandgap a-Si fabricated by the hydrogen dilution
method at a low substrate temperature is discussed. Finally, we
propose a carbon-rich a-SiC prepared by the CPM method for higher-
efficiency a-Si solar cells.
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HIGH-EFFICIENCY A-SI SOLAR CELLS

Approaches to obtain high-quality window layers for high-efficiency
solar cells

p-type a-SiC is conventionally used for the p-layer of a-Si
solar cells. Usually, B2 H, is used as a p-type doping gas, but B-B
and B-H bonds included in BellH are thought to remain easily in a-SiC
films, resulting in high defect densities. Therefore, B(CH3 )3 , which
has no B-B and B-H bonds, was studied instead of B2 H6 .

Conventional a-SiC films doped with B2 H6 have the problem of

bandgap narrowing in the highly doped region. The change in optical
bandgap (Eopt 3 ) of p-type a-SiC is shown in Fig. 1 as a function of
boron concentration. The optical bandgap was determined from the h L
vs (ahi, )111 plot using the T/(]-R) method [6]. This method has
good linearity in the low energy region compared with the
conventional Tauc's plot ( h, vs ( a h, ) "2 plot), especially in
the case of a-Si related alloys, as described later. The optical
bandgap of a-SiC doped with B2 H6  decreased as the boron
concentration increased. In contrast, that of a-SiC doped with
B(CH3j), was almost constant (Eopt 3,~1.8eV). Since carbon content of
a-SiC doped with B(CH3 )3 was found to be almost constant in this
region, it waz determined that bandgap narrowing could be avoided by
using B(CH3 ):,.

Fig.2 shows the relationship between photoconductivity and
optical bandgap. As shown in this figure, the photoconductivity of
a-SiC films was improved about one order of magnitude by using
B(CH 3 )3 . From the SIMS (Secondary Ion Mass Spectroscopy)
measurement, the ratio of B-B bonds/B atoms in a-SiC doped with
B(CH).-), was about ten times smaller than that of a-SiC doped with
B2 H,. Thus, it is considered that the higher doping efficiency and
the higher photoconductivity of a-SiC doped with B(CH::)3 is depend
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Fig.3 Structure and illuminated I-V characteristic of an integrated-
type a-Si solar cell submodule

on low defect density due to low densities of B-B and B-H bonds.Various advanced techniques, including the use of B(CH3 )3,
have led us to the world's highest conversion efficiency of 11.1%
(total area efficiency) for a 1Ocm x IOcm integrated-type
single-junction a-Si solar cell submodule, as shown in Fig.3.
Successful techniques developed to improve a-Si solar cell
efficiency include:

(1) A high-quality i-layer and p/i buffer layer using a separated
ultra-high vacuum reaction chamber apparatus called the "Super
Chamber"[ 7]. Using this chamber, the defect density in the
i-layer and p/i buffer layer can be reduced, leading to improved
output characteristics for a-Si solar cells.

(2) A high-quality and low absorption coefficient p-layer of a-SiC
doped with B(CI1) 3, improves photosensitivity in the short
wavelength region.

(3) A highly-textured TCO with a high haze ratio and gentle slope in
the grains yields a more uniform p-layer, which can improve
photo-sensitivity in the long wavelength region.

(4) A new type of ultra-thin interface layer between the i- and
n-layers has been developed. This new interface layer can reduce
the defect density of n-layer.

(5) A new laser patterning technique, called the "Ablation Oriented
Laser Patterning" method, which can make integrated-type a-Si
solar cell submodules with very low damage. It has led to
improvement of the effective area and short circuit current.

All of these improvements were introduced for the fabrication
of integrated-type single-junction a-Si solar cell submodules. The
resultant cell had an open circuit voltage of 12.63V, short circuit
current of 123.2mA, fill factor of 0.715 and a conversion efficiency
of 11.1%.
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High-quality a-Si i-layer for high-efficiency multi-junction solar
cells

For further improvement in conversion efficiency, high-quality
wide-bandgap a-Si was investigated from the viewpoint of the front
active layers of multi-junction solar cells, as shown in Fig.4.
Although it is well known that deposition at L.w substrate
temperatures results in wide-bandgap a-SI, tLe quality was very poor
when conventional deposition parameters were used. Therefore,
hydrogen dilution of the source gas and optimization of the
deposition parameters was investigated. Typical experimental results
for a-Si fabricated at a low substrate temperature are shown in
Fig.5 Although, the photoconductivity of the a-Si film was less
than 10-I(2 .cm)-' when pure SiHl4 was used, it increased rapidly as
the SiH4 was diluted with hydrogen. When [H,]/[SiH4 ]=5, the photo-
conductivity was improved to more than 10-1(2 .cm)-', and the photo-
sensitivity rose as high as 106, at a low substrate temperature of
80°C . These values are comparable to those obtained in conventional
device-quality films deposited at 200C . Concerning the optical
bandgap (Eopt) of these films, Eopt 2 was around 2.0eV when the hý vs
(Ohp) 2 plot ( Tauc's plot) was used, and around 1.7eV when the hý
vs (ahu)1/' plot (Eopt3) was used. The Eopt were higher than those
for conventional a-Si films fabricated at 200'C by 100-150meV.
In addition, the thermal stability of this wide-bandgap a-S. was
examined using annealing experiments.

Fig.6 shows the characteristics of a-Si solar cells whose i-
layer was prepared by the hydrogen dilution method at a low
substrate temperature. As shown in this figure, the open circuit
voltage (Voc) is as high as 0.95V. The increase in Voc is attributed
to the increased built-in potential of the solar cell, which is due
to the wide-bandgap of i-layer. The conversion efficiency of 9% was
even obtained for a -1500A thick i-layer. By using this high-quality
wide-bandgap a-Si as the front active layer for a lcm2 a-Si/a-Si/
a-SiGe stacked solar cell, conversion efficiency of 12.1% was
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obtained, as shown in Fig.7.

WIDER-BANDGAP A-SICPREPARED BY THE CPM (CONTROLLED PLASMA
MAGNETRON) METHOD

Although high-quality wide-bandgap a-Si can be fabricated by
the hydrogen dilution method at low substrate temperatures, as
mentioned in the last section, it is difficult to raise Eopt 3 above
2.0eV. Therefore, carbon-rich a-SiC was investigated. It is well
known that film quality deteriorates as the carbon content
increases. This is thought to be caused by the existence of C-H 3,
bonds in films in large quantities[ 8]. Therefore, we investigated
the possibility of increasing the number of Si-C bonds, instead of
C-H 3  bonds, with a novel plasma CVD method, called the CPM
(Controlled Plasma Magnetron) method[5].

The CPM (Controlled Plasma Magnetron) method

A schematic diagram of the CPM method is shown in Fig.8. This
method is basically a capacitively coupled RF glow discharge plasma
CVD method. Electromagnets are positioned under the RF electrode to
generate a magnetic field in the plasma, and thus the plasma can be
confined near the RF electrode. Therefore, a high electron density
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plasma can be easily obtained and plasma damage to the substrate
decrease.

The strength of the magnetic field is controlled by the
magnetron current (Img) through the electromagnet. 100 gauss of
magnetic field can be obtained at Img=2A near the center of the RF
electrode. Fig.9 shows the emission intensity of CH'(431nm) near the
RF electrode in a CH. plasma measured by the OES (Optical Emission
Spectroscopy) method as a function of Img. CH' emission intcILsLty
increased with Img, and became about I order of magnitude larger
than that with conventional method (Img=0A) in the case of Img=2A.
Then the CH. was found to be effectively decomposed by the CPM
method. This indicates carbon-rich a-SiC films can be easily
obtained by the CPM method. When a magnetic field was applied to the
plasma, optical emission could not be observed near the substrate.
In contrast, plasma emission is almost constant between the
substrate and the RF electrode in the conventional RF plasma CVD
method. Therefore, plasma damage to the substrate in the CPM method
is thought to be small compared with that in the conventional
method.

The specifications of this reaction chamber are almost
equivalent to those for the super chamber. The background pressure
is below 4X10- 6Pa, even at a substrate temperature of 400t, so
undesirable impurities, such as oxygen or nitrogen, can be reduced
below 5xl0 1 8 cm- 3 .

Undoped a-SiC films prepared by the CPM method

Undoped a-SiC was prepared using the CPM method. The depositon
conditions are shown in Table 2. The gases were SiH,(100%) and
CH,(diluted to 10% in H2 ). The total pressure was 13.3Pa. The
magnetic field, which was controlled by the magnetron current (Img),
was 0 to 100 Gauss (Img=0-2A).

The substrates were glass (Corning 7059) and single crystalline
silicon (c-Si:>1000 •cm). Both the transmittance(T) and
reflectance(R) of a-SiC on glass was measured, and then the
absorption coefficient was calculated by the T/(I-R) method[5]. From
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the IR spectra, hydrogen contents were estimated using the
absorbance of the Si-H stretching mode (-2050cm-'). The XPS spectra
were characterized by fitting Gaussian curves to the peaks.
Conductivity was determined using a coplanar Al electrode.

Fig. 10 shows the absorption coefficient (a ) of a-SiC films
prepared by the conventional plasma CVD method and the CPM method.
The a decreases as the magnetic field increases, and the a with 2A
of Img is about one order of magnitude lower than that of
conventional a-SiC. Although the a of conventional a-SiC at a
photon energy of 3eV is 2xl0"5cm-', that of a-SiC prepared by the CPM
method is 2xl04cm-'. Figs.ll and 12 show the plot of hi vs
(a h ) 12 (Tauc's plot) and hL vs (a h ) I". Tauc's plot is often
used to determine the optical bandgap(Eopt 2 ) of a-Si and related
alloys such as a-SiC and a-SiGe, but it significantly deviates from
a linear relationship in the low energy region, especially in the
case of a-Si related alloys. Therefore other ways of determining
optical bandgap (hL vs (a h , )•") have been attempted and good

Table 2 Deposition conditions . 106

Tsub (1C) 400 c - ve a-

Gas SiH 4 :1 A/ ",
flow rate CH4100 . -CP

RF power '10
density 0.15
(W/cm2) _

Pressure 1 10m(Pa) 33l(a)ei o SiH4/CH4=1/10 4000C

field 0-100 0.15W/cm2 0.1Torr(Gauss) 10: . . . .. . . . .. . . .

Magnea 1.5 2 2.5 3 3.5 4
current 0-2 Photon energy (eV)

(A) I Fig. 10 The a of a-SiC by the CPM
"CH4 :10%CH4 /H2  method and conventional"**%H,,: 0.1%B2HeIH2 method

120a / ,,

Soovoo,,o //OA
conventionA E conventiona; //

E c a-SiC - /o a-SIC. /80 /

S800 IA

~40:a400-•-,4
400 ,.. . ,' img=2A

I, /"/-/ Img-- 2A

0 0
1.5 2 2.5 3 3.5 4 1.5 2 2.5 3 3.5 4

Photon energy (eV) Photon energy (eV)

Fig.ll hp vs (a hi )"I plots of Fig.12 h, vs (a hL )1/3 plots of
a-SiC (Tauc's plot) a-SiC
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prepraed by the CPM method of a-SiC prepared by the

CPM method

linearity was found[6]. Indeed, the linearity of Fig.12 is better
than that of Fig.11. This indicates that the h1  vs (a h v )1-3 plot
is useful to determine the optical bandgap (Eopt 3 ). The Eopt 3 of
a-SiC by the CPM method was about 2.2eV (Eopt 2=2.5eV ), which was
about 0.4eV higher thaii that oi conventioa1' a-SiC. Since a higher
optical bandgap is desirable for the window layer of a-Si solar
cells, this a-SiC was expected to be effective for improving
conversion efficiency.

XPS and AES (Auger Electron Spectroscopy) measurements were
used to analyse the carbon content of films quantitatively. The XPS
spectra are shown in Fig. 13. Carbon bonded as Si-C at a binding
energy of -282eV was found to drastically increase as lmg increased.
The ratio of Si-C bonds to Si was estimated by fitting these spectra
to Gaussian curves, using the reference XPS spectra of crystalline
(stoichiometric) SiC. Although the ratio of Si-C to Si in
conventional a-SiC was about 0.15, that of a-SiC by the CPM method
was 0.6. These results indicate that a-SiC films with a high Si-C
bond density can be easily produced using the CPM method. The AES
was used to estimate the film composition, and the x value in
a-Si,-xCx was found to increase 0.3 (conventional a-SiC) tc 0.55
(Img=2A). This indicates that the a-SiC with Img=2A is nearly
stoichiometric. Fig.14 shows the IR spectra of these films. As the
magnetic field increased, the absorption coefficient of Si-C bonds
increased as same as the XPS results. However, Si-H bond density was
found to decrease about 1/4. The hydrogen content bonded to Si was
estimated to be 30% (Img=OA) and 8% (Img=2A), when the A factor was
equal to that of a-Si (A=1.4xl0 2 °cm2 ). From the XPS and IR
measurements, a-SiC films prepared by the CPM method were found to
have many Si-C bonds and low Si-H bond density.

p-type a-SiC films

As mentioned above, wide-bandgap (Eopta> 2.0eV) a-SiC could be
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fabricated by the CPM method. Thus, boron doping of such films was
investigated.

Usually, p-type a-SiC is deposited by the decomposition of a
mixture gases, including SiH4 , CH. and B2 H6 . Using this method,
however, highly transparent and highly conductive p-type a-SiC could
not be obtained in this experiment. Thus, we adopted another doping
method, called the post doping method. Undoped a-SiC was first
deposited on the substrate, and then it was exposed to the B2 H6
plasma, as shown in the left part of Fig.15.

The right part of Fig. 15 shows the boron profile of a post
doped film measured by SIMS to estimate the effective depth for the
p-layer. Post doping was performed for 10min. on 2000A thick a-SiC.
The conditions included an RF power of 0.05 W/cme, lmg of 0A, a gas
flow late of 100sccm and a pressure of 13.3Pa. As shown in Fig.15,
the effective depth as a p-layer was estimated about 200A, in
which the boron concentration was about l/e compared with that at
the surface. This thickness is sufficient for the p-layer of a-Si
solar cells. Fig.16 shows the dark conductivity (a d) of p-type
a-SiC prepared by these two methods. The dark conductivity was
measured for a-SiC with a thickness of 200A in the case of
post doping. As for the conventional method, a d of 10% of B2 H6 to
SiHl is 3x10- 7 (Q -cm)-1 and lower than that of p-type a-SiC. By
using the post-doping method, a d increased to l.4x10-(9 .cm)-1,
which is higher than that of conventional p-type a-SiC. Therefore,
the post-doping method was found to be effective for obtaining
highly-conductive p-type a-SiC in the case of doping such
carbon-rich films.

Fig. 17 shows a of p-type a-SiC films prepared by the CPM
method and conventional method. Since a can not be determined
accurately for a thin film, the post-doped films was fabricated by
the 5 cycle repetition of deposition and post doping ((120A +post
doping 5min.)x5times). The dark conductivity of these films was
almost same (3x10- 7 (Q .cm)- 1 ). Although the a of p-type a-SiC was
higher than that of undoped a-SiC, that prepared by the CPM method
was lower than that prepared by the conventional method. The
post-doped film was found to have the lowest a , especially in the
short wavelength region. Although a of conventional film was
2xl0 5cm- 1 at 400nm, that of film prepared by the CPM method was
5xl0 4 cm-1. This means that the absorbance in a 100k thick p-layer

Si H4
aSCCH4 ýT 6,

post doping

-J 0 500 1000 1500
plasma treatment Depth (A)

Fig. 15 Post-doping method and boron depth profile of p-type a-SiC
doped by this method
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the conversion efficiency of a-Si solar cells. A total area
conversion efficiency of 11.1% was achieved for a lOcmXlOcm
integrated-type a-Si solar cell submodule, using p-type a-SiC doped
with B(CH3)3 and other advanced techniques.

High-quality wide-bandgap a-Si was obtained by the hydrogen
dilution method at a low substrate temperature. By using this
wide-bandgap a-Si as the front active layer in a-Si/a-Si/a-SiGe
stacked solar cells, a conversion efficiency of 12.1% was obtained
for a lcm2 cell.

For further improvement in conversion efficiency, wider-bandgap
(Eopt, 3 2.0eV) a-SiC was prepared by the CPM method, which can
decompose material gases effectively. The obtained film has a high
Si-C bond density and low Si-H bond density. The absorption
coefficient of these films was about 1 order of magnitude lower than
that of conventional a-SiC. Post doping technique was adopted to
this carbon-rich a-SiC to prepare p-type a-SiC, and highly
-conductive ( i d_Ž l0-5( -. cm)-') and wide-bandgap (EoptŽ_ 2.0eV)
fi!ms were obtained. These film properties promise higher efficiency
a-Si solar cells.
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DOPED AMORPHOUS AND MICROCRYSTALLINE SILICON CARBIDE AS WIDE
BAND- GAP MATERIAL

F. Demichelis' , C.F-. Pirri*, E. Tresso* arid P. Rday'

IDipartimento di Fisica, Politacnico -C. so Duca degli Abruzzi
24, 10129 lorino (Italy)

Elettrorava S.p.A., 10040 Savonera loririi (Italy)

Amorphous and microcrystall1inc silicon carbide, undopod arid
doped, are promising materials as wide band gap semi conductors
(Eg >2 e%). In the present Work' results (in hydrogenated and
fluorinated a SiC and yc-SiC films intrinsic , B or P doped are
reported. Energy gap higher than 2 eV are obtained together with

electrical dark conductivit ies in the range 10 -12 10-2 1 0nf

INTRODUCTION
Anderson and Spear (1) f irst reported results on hydrogenated

amorphous silIicon carbide (a--SiC :H) filims, deposited hy theI g~low-discharge method, and showed that the opt ical band -(vp of
the films increases continuously with increasing carbon content.
In recent years there has been a groat interest to qomtndl the
electrical conductivity of wide band-gap a-SiC*H thin films for
appliicat ion rindevi ces such as betorj urict ion bi polar t ranisis tors
(2) and photovoltaic cells (3) . So a number of invest iqat ions
have been made on -i - SiC: H ind] rel ated mat or iais. FuindamentalI
changes in the electro- Opt ical char-acterist ics "t a SIC :- crur

ith1 dopinMI.
Boron doped a-80C:11 (p-type) is wide) used as; a window Iaver

fir he tero junct ion amorphous silicon sol ar ce I Is resul t i ug in
signifi cant improvement in efficiency (4I). However B di p inq
degrades some propert i es of a -SiC:H in fact ,as t he boron
conicent rat ion increases detects are int rodiied in t he pseudo - ap,
decreasing the energy gap.

Phospho rus dopeid a- Sit0: H (n tjye f 1 (Ims :;hii yood opVt ica
proper ties and high band gap even at high dopan t concent rat ion,
but they do not reach high el1ect rica) coniduct ivvity (5)~

In fluorinated amorphous silicon carbide, a-SlHE the
optical gap increases with fluorine content uip to val(ues as high
as A.1 eV (6) . Using suitable deposit ion condi tions xo ln
films having l arge opt ical gap and niighi phot iloiiiiitiv it have,
been obtained (7).

Recent ly Hattoni ot alI. (8) have deduced frtom Raman experi ment:-
that samples crimprised"1 Qi m icr-crvs ta Is embedded in ani amo rphous
8iC matrix show iPt il-al t ransparencv, arid good elect rica)
c(,rdlict.i vi tv . A fur t hier improvement iii the condict ii it v a i, pumt

change!; i n t hei h igh opt i calI ga1p call be oht a ined by lopi ng t h,-
m icr ocrys,3talI I itie sample s (), 10)

Iti ordr- to eostabl ish how oi) icon carbide a) lois couild pi iviiie
wide band gap mater ia) a;; wel) as a good contrioil of elect i ica)
plopoi-t ion we! inrve'stigated the opt ical atnd elec-trical piiipeit ivs
of iindopd anid doped amorphous ai"i ni rirs in( l 11si i cin]
carbide alienos. opt ical gap hjulipi tr Aa 2 o tig1i't" (ii ith

(4,d iv iit v in the raiige 10-12 10-2 11 "n havi Wonl ibttai ned.
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TABLE I
Deposition conditions

Sift 4  CH4 H12 PHa -B2 H6 I'd p p
(seem)l (scem) (scent) (vppm) ( C) (Pa) (W)

P ECVDI
a-SiC-':H 50-100 0-150 0-70 0-3 103 200 40 50

P EC V
Wc-SiC:I11 3-13 0-10 180-20(1 0-1 104 200 30-40 150

SiH4 CF4  H12 Td p P
(seecm) (seem) (see~m) ( -(c) (Pa) 1(w)

PEC X*)
wi-SiC:H1, F 4 0.5-2 200 200 10 15)0

Ar CF 4  112 Td P P
(seem) (sccm) (seem) (,C) (Pa) (W)

S PUTT.
a-SiC:H,F 1100 1.5-11 7-17 250 0. 4-0.7 3]00

EXPER IMENTAL
F i Ims; o-.f a-SiC :1H and oic S SiC : 1i were depo)si ted b\ P] aenla

Enhanced Ciemiclea Vapour Pep's it ion ( PFCVP[) of SiH14 -CH4 - CH-,C
mixNtures;.- with control led addi tion o(f H 116 or PH 3 .

The a--SiC-:H,F films were prepared 1)v R.F. sputtering ot I
silicon target in Ar-H2-C'F4 mi\1ture.

The ['c-Si :11, F filnos were ditposited b\ PFCVD inl 3 i114 -C F4-H2
Mi Nt ur es

The deposit ion eonidit ions o)f the film.,; are I i.,tpd in Table
1. The cris;tallIinitv of the films was verified by IR and Raman
spet rose'-(pies and Transmi s.ut n F!k ct ron >11 croec' py (IfTM)

Optical transmittance and ref leetatre weeMeasured b\ a
Perk in l me. C -''is ibi c-NI R Lambda () !;;pee Ir0L)hotometten- in the
wavelength region 200-2500 nm. D.C. electrical 6t~utvt as,
measured in coplanar -()nf iquration under vat'uuun with a Hewlett
Packard 4329 A High Resistance Meter.

RFSULTS AND DISCUSSION
The abrorpi ion coeffIicietit au; deduced I iom di roct ptw i l

(And PDS meadsur omentIs is; shot wn inr Fiq. I for undoped, 1, d 'ped and
n driped a - 1:11 t\vpi cal i;ail: nd in Fio. 2' for intl td and
dloped ptc -SWi:H samtu ef; . it ,art ho ttoserv't'A t hat in a SiC:1the;
mindoped fl i (mu show an ahuo;(rpi iot co~f t i ci nt vs;. ph o~n .'n.'r i
t \ p i 'a Iof semieondiwt'trs with energy gap:; hitli.'-r t (an; 2 o. V:;
dhqparnt if:,hms are inco~rportated the op c)pFiper I ;:; .111ad od
th. o '-1-r qv (1,11) de'reI-(: move :; on \ l ot i tt d th1 l tin E

Ill tPl(,ii5 (opelld amorphouis f ilms . For p,' SiC:1 fI ilm:; Iet:): pt ic~il
pr'opert ie: are on)ý ful iht lN Iffec(ted h\ d~pi nq ii;: all t Ii.
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-,im plI ei; ;how energyj ia p s I iigheiýr t han 2 e\
Irit orderi to, Compare our, r-eýsu Its w;6ithI t hose pub)I ished by ot her

au t hors, ,t he op t 1 catI gap Eq wa 5; deduced USin 1T9atc IC'S def in it i on)t,
eveni i f i ts appi i cabi I i ty to m i crocr vstalI line f i Imsý t o' doped
affno rphouS eir conduct ors and (--arbon- r i h ma ter IalI;; i s
quepst ion ablet (11 , 12)1 . Moreover a Iso t ho Eo 4 ga p de f i nod a s t he.
energy corresponding to cm -~ 104 ,M- I was deduced. Both Eg and
Eo04 for the different sets of samples are summarized in Table
T1. lIn undoped a-SiC:H, En is included it; the range 1.9) - 2.5

eldepending on Carbon contents. Di amorphous samples a narrowing
in Eg can be observed as the. doping concent rat ion increases.
higher in boron thfan in phosphorus doped fiiimc.. This fact Canl be
e~pl airied for boron doped samiples by the dec-rease; of H Content
and an increase of defects as B2 H6 partijal pressure increases.
tn phos-phorus doped f ilms H decrease San riot observed and the
narrowing of the hand- gap is probabl% only due to~ dopant induced
defects (5).
Microcrystalline, unridped SiC,:fl films, invest iqated by TEM1, have
shown cryNstal line fract ion lower than '-0% and crvst all inc s;ize
oft about 200 A. Values oif Eq are around 1.9 - .2ekV independently
from; vnicroc-rysta 1 f ract ion and size arid wit); carbon and hydrogen

percentage rang(ing from 5 to 15% arid fromi 9 to- 210% respect ivelv.
In phos;phorus doped m icrocrvs ta i ;ne f ilm-- an erihancemenit in
mi crocrys tall ini ty hias; beern obse rved ( 1 3) and thle opt i calI
proper t ies a re pr ac t icaIlIy inrdependen rt from P coýn tent. (10) . Itr
i s known t ha t boron irithi1b i t s; m ic rocrvst alI f orma t ion ( 14) ,so (-niv
slightly doped films are microcrystalline and have energy gap
higher than 2 (e% . A,, the bor-on cointIent increases the m i cri ,crvst a I
fract ion and size decreases, anid th oii pt ical prop'~rti~ ), the

f ins follow the trend rif p--doped a SiC:)).
A par ticular interest must be. devoted to fluorinated n;il i-on

carbide samiples . Both amiorphous3 and miicroirvs t a I Iin IS IC:11, show6
hiigh %alIues of Eq (as it Can be obs;erved it; F; i .3-4). in a - Sic':HI
samples prepared by spuit tering energy gap from 2.0 (tip to 1.l 1 %
have been obtained. In sampl en prepa red b\ PE;\tir the valItien ,f
Eq, are inicluded in the rangie 2.2'- 2.45 oV . Probably the I luiorine
incorporat ion gjives, rise to the removal o~f local med states; near
the band edges i nicreas inrg t he oe irqy glap (6 ,1S))

the dhark ci induct iv it v oI ior th djt (IIf f et-rei t s~amp Ien i;; ; epor ted
in Table 11. It Can be seer; that thoc conduct ivitv of a-ScHis
very low and i t i ncreases abo.ut V ordi in- of flagi it ude in boron
doped s;amplIen and abou;,t ') orders of mag ni;tu;de in phosphorun; o('ipod
oies.

A remarkable improvemen t it) conduct ivit v is obt ained In or

-S FH riim values included in the range 10-1 10- 0i cm tor)

uridoped s~amples, values as hig~h as 10- QI cm arid 10- 0l rm
tor boron a rid phosphoruis doped respect ;ivel vCart be ach;eyepd.

Fhe high opt ical gap together witht the high Conduict v i tv% is;
a t t rjibuitech( t o the- Change i n t he niet work st ricture, I. e . the
miiicrocrvs;ta I Ii xat ion. .Af tatr as; the a--S iC : 11, F h i Imsrý arte coricertied
I t can be observed t ha t the f I ujor i trie incorpor at rot; wi detns
dras t ical ly the gjap whereas; t he conduct i% i t, i s on ly ()fie order
(of magni tude higher thIan that of a- Sic,:11 (6)
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TABLE II
Band-gap and electrical conductivity

Eg Eo4 0

(eV) (eV) M1cm C)

PECVD
a-SiC:H 1.9-2.5 2.0-2.7 10-10-10- 3
undoped

PECVD
a-SiC:H 1.6-1.9 1.8-2.1 10-5-10-9
B-doped

PECVD
a-SiC:H 1.9-2.1 2.0-2.2 10-7-10-10
P-doped

PECVD
ic-SiC:H 1.9-2.2 2.1-2.2 10-5 -10-9
undoped

PECVD

Wc-SiC:H 1.9-2.2 1.9-2.2 10-3 -10-7
B-doped

PECVD
Pc-SiC:H 1.9-2.2 2.1-2.2 10-2-10-5
P doped

PECVD
pc-SiC:H,F 2.0-2.4 2.1-2.6 10-7 -10-9

undoped

SPUTT.
a-SiC:H 2.0-2.6 2.0-2.7 10-910-i0
undoped

SPUTT.
a-SiC:HF 2.0-3.1 2.0-3.1 10-9 -10-1 1

undoped

CONCLUSIONS
As a conclusion it can be deduced that in silicon-carbon

alloys high optical band-gap can be achieved both in amorphous
and in microcrystalline films. In amorphous films the high band-gap
is coupled to a difficulty to control electrical properties. In
doped films the electrical conductivity ranges from 10-12 to 10-5
£flcm -with a decrease of optical gap from 2.1 to 1.6 eV.
In microcrystalline SiC:H films energy gaps in the range 2 - 2.25
eV have been obtained with dark electrical conductivity from 10-9
to 10-2 C) CMrm .
In fluorinated undoped SiC:HF films energy gaps up to 3.1 eV
for amorphous and 2.4 for microcrystalline films have been
optained. In such filmo the condu'-tivity is of the order of 10-9
0 'cmI-
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WIDE-GAP POLYSILANE PRODUCED BY PLASMA-ENHANCED CVD
AT CRYOGENIC TEMPERATURES

S. Miyazaki, H. Shin, K. Okamoto and M. Hirose
Department of Electrical Engineering, Hiroshima University
Higashi-Hiroshima 724, Japan

ABSTRACT

Polysilane thin films have been grown by the rf glow discharge decomposition of
SiH 4 at substrate temperatures ranging from -84 to -110"C. The infrared absorption
spectra have shown that polysilane chains (SiH 2 ), are predominantly incorporated
in the matrix togpthpr with SiH 3 which terminates the chain. Also, the infrared
absorption band at 2120-2140 cm- 1 and a distinct Raman peak at -430 cm-1

indicates that fairly long chains (SiH 2 )n with n>11 are produced. Polysilane
prepared at -110"C has an optical bandgap of about 3.1 eV and exhibits a visible
luminescence around 2.75 eV at 100 K.

INTRODUCTION

The physical properties of binary Si:H materials are tightly connected with the
hydrogen contents and the Si-H bonding configurations. As is well known device-
quality hydrogenated amorphous silicon with an optical bandgap of 1.7-1.8 eV
contains about 10-15 at.% hydrogen in the form of monohydride when it is prepared
at temperatures from 200 to 300 C by the plasma enhanced CVD using SiH 4 . Wide-
optical-gap (2.4-2.55 eV) binary Si:H alloys consisting of a significant amount of
polysilane (SiH2)n groups have been grown at -53 C by the disilane glow discharge
decomposition [11 or at room temperature by the homogeneous chemical vapor
deposition (HOMOCVD) of silane[2]. Despite a number of work on hydrogen-rich
Si:H alloys, very little Is known on the specific feature of vibrational spectra and on an
optical bandgap value for ideal polysilane.

In this paper, we describe the procedure of fabricating long chain polysilane
from an SiH 4 discharge at cryogenic temperatures. The optical characterization of
the deposited films has been carried out to confirm the existence of long polysilane
chains and a wide optical bandgap formation.

EXPERIMENTAL

Binary Si:H films were deposited on quartz, Al and c-Si substrates by the rf glow
discharge decomposition of 3% SiH 4 diluted with H2 in a capacitively coupled
reactor[3]. The substrate temperature was changed in the range -57 to -110"C by
controlling liquid nitrogen flow rate. The total gas pressure and the rf power density
were maintained at 0.2 Torr and 0.44 W/cm2 , respectively.

RESULTS AND DISCUSSION

Film Growth and Structural Analysis

The film growth rate is kept constant at about 0.3 Aisec in the temperature range
from -57 to -81 'C, while it is abruptly increased up to about 2 A/sec below -84' C as
shown in Fig 1 The growth rate enhancement could be attributed to an increase in

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Fig. 1 Si:H film growth rate as a function of substrate temperature.
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Fig. 2 Infrared absorption spectra of the SiHx stretching modes for binary Si:H films
grown at different substrate temperatures.

the effective sticking probability of gas phase products or the increased surface
residence-time of major film precursors. Also, the etching reaction promoted by
hydrogen radicals might be effectively quenched at such low temperatures[4]
Further discussion on the film growth rate should be done in connection with
incorporated hydrogen bonds.
The infrared absorption spectra for films grown at temperatures below -84 C exhibit
the predominant incorporation of polysilane chains (Sill2 )n whose vibrational bands
appear at 2120 and 2140 cm-1 [5] as represented in Fig. 2. An appreciable amount
of Sill3 units, which give rise to the absorption at 2140 cm 1 and terminate the
(Sill2 )n chains, are also incorpe-ated in the matrix, At temperatures above -81 C.
the isolated Sil 2 bond absorption at 2090 cm 1 or the Sil bond absorption at 2000

cm 1 is predominant as in the case of hydrogenated amorphous silicon grown at
200-300 C. The hydrogen content estimated by the integrated absorption intensity
of the stretching mode using a proportional constant of 1.4x10 2 ° cm 2 [6] rapidly
decreases with increasing the substrate iemperature. being about 28 at.",, for a
sample prepared at -57 C. The proportional constant can not be used for the case of

i0I0
I"ICO
:L - II I IlI"I~nm•I II III Im imm<

ý800 1900 2000 2100 2200 230
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Fig. 3 Optical bandgap Eopt and refractive index as a function of substrate
temperature. Open circles denote Eopt determined from the photon energy at which
the absorption coefficient becomes equal to 104 cm- 1.

polysilane. The polysilane chain length is evaluated from the absorption peak shift of
the stretching mode or the infrared absorption intensity ratio of 845 cm' (bend-
scissors) band to 890 cm 1 (wagging) [8], indicating that the value of n for (SiH2 )n is
larger than 11 for films grown at substrate temperatures below -84-'C. From these
results it is likely that the growth rate enhancement at temperatures below -84,C and
corresponding long-chain polysilane formation are caused by a higher condensation
rate of gas phase products and their polymerization reactions on the surface without
any hydrogen radial etching. Note that the gas phase polymerization reaction is
negligible in the present experimental conditions because a silane partial pressure is
as low as 6 mTorr.

Optical Properties

The optical bandgap was determined by the Tauc plot and also by the photon
energy at which the absorption coefficient reaches 104 cm- 1 as shown in Fig. 3. The
measured optical bandgap is 3.1-3.2 eV for films deposited at a substrate
temperature of -110C. being in consistence with a theoretical value (3.1 eV)
predicted for an ideal linear-chained polysilane[7]. Gradual decrease of the
refractive index with lowering the substrate temperature is basically explained by the
increase of the optical bandgap. This implies that the growth rate enhancement at
low substrate temperatures is not due to a decrease in the film density.
The Raman spectrum taken for polysi•ane grown on an Al plate at -84 C provides
additional information on the material structure. A distinct peak with a full width at
half maximum of -25 cm 1 appears at -430 cm 1, being very different from a broad
peak at 480 cm I that originates from the Si-Si TO mode in conventional a-Si:H with
a hydrogen content of 12 at.%O as compared in Fig. 4. The fairly sharp -430 cm 1
peak has been assigned as the LO mode of Si skeleton for long-chain
polysilane[5,9]. This is consistent with the chain length n>11 estimated by the
infrared absorption.
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Fig. 4 Raman spectra for polysilane grown at -840C and conventional a-Si-H
prepared at 300'C. An Ar+ ion laser was used as an excitation source.
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Fig. 5 Photoluminescence spectrum obtained at 100 K for polysilane grown at
-110-C. A 337.1 nm line from an N2 laser is utilized as an excitation source.

The polysilane film prepared at -110°C, whose optical bandgap is 3.1 eV, exhibits a
visible photoluminescence at 2.75 eV with a full width at half maximum of 0.8 eV at
100 K for the excitation with a 337.1 nm light from an N2 laser as shown in Fig. 5.
Although an infinitely chained polysilane (SiH 2 )n has a direct allowed gap at the V
point as predicted by the calculation using the Slater-Koster LCAO method [10], the
origin of this luminescence band is still unknown and might be due to the band-tail
transition with strong phonon coupling or defect related bound-exciton rather than
the interband transition.

Structural Stability

The result of the gas-evolution measurement for polysilane grown at -84 C is
shown in Fig. 6. The evolution spectrum for conventional a-Si:H prepared at 300C
is also shown for comparison. In a-Si:H the hydrogen evolution peak appears
around 400"C, while in the polysilane the evolution maximum for molecular
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Fig. 6 Gas-evolution intensity for polysilane grown at -840C and conventional a-Si:H
prepared at 300'C. Samples were heated at a constant heating rate of 6 C/min.
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hydrogen is shifted down to 320 C because of the absence of three dimensional Si
network. It is interesting to note that the evolution of SiHx molecular units arising
from the thermal dissociation of the (SiH 2 )n chain is observable at about 280-C. This
is a possible cause of polysilane surface oxidation at room temperature. The IR
absorption at -1050 cm 1 due to the Si-O-Si stretching mode is measured as a
function of air exposure time for films grown at different temperatures (Fig. 7).
Polysilane deposited at temperatures below -93 C contains a significant amount of
SiH 3 units and the film is easily oxidized. Tne oxidation starts from the backbond of
SiH 3 in the film as shown in Fig. 8, where polysilane uptakes oxygen to produce
OSiH 2 '-2160 cm- 1), OSiH 3 (~2180 cm 1 ) and O2 SiH 2 (--2230 cm- 1) units[11]. The
Si-Si bond connected with SiH3 which is locateo at the edge of polysilane chn',- is
more reactive than that of the Si skeleton in the (SiH) chain because of a little high
electronegativity of H compared to that of Si. Oxygen molecule preferentially attacks
the backbond of SiH 3 and the incorporation of highly electronegative oxygen causes
the further oxidation of the Si skeleton. On the other hand, no oxidation proceeds for
polysilane grown at temperatures above -84 C because of less amount of SiH 3.

CONCLUSIONS

We have demonstrated that wide-bandgap (-3.1 eV) binary Si:H films
consisting of long-chained (SiH2 )n (n>11) units can be deposited at temperatures
below -84-C by plasma enhanced CVD and that polysilane grown at -110 C exhibits
visible photoluminescence band around 2.75 eV at 100K. It is also shown that
polysilane which contains an appreciable amount of SiH3 units tends to be oxidized.
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OPTICALLY INDUCED PARAMAGNETISM IN AMORPHOUS HYDROGENATED
SILICON NITRIDE THIN FILMS
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M. HARMATZ
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ABSTRACT

The creation mechanisms of Si and N dangling bond defect
centers in amorphous hydrogenated silicon nitride thin films by
ultra-violet (UV) illumination are investigated. The creation
efficiency and density of Si centers in the N-rich films are
independent of illumination temperature, strongly suggesting
that the creation mechanism of the spins is electronic in
nature, i.e., a charge transfer mechanism. However, our results
suggest that the creation of the Si dangling bond in the Si-rich
films are different. Last, we find that the creation of the N
dangling-bond in N-rich films can be fit to a stretched
exponential time dependence, which is characteristic of
dispersive charge transport.

INTRODUCTION

Amorphous hydrogenated silicon nitride (a-SiNx:H) is a
rather unique material due to its use in a wide variety of
applications. For instance, a-SiN :H is extensively used in
non-volatile memories because of its excellent charge trapping
properties, or as the primary dielectric for thin film
transistors. In order to fabricate higher quality films, much
effort has been employed in understanding the origin and nature
of paramagnetic and diamagnetic defects in this material (1-6];
interesting enough, these defects appear to be an intrinsic part
of the material [6).

It has been known for quite some time that optical
illumination creates paramagnetic defects in a-SiN x:H thin films
[2,3,5,6] as is the case for several amorphous materials, i.e.,
a-Si r, 7], a-Se, a-As 2 Se 3 , a-As (8], etc. Typically the only
paramagnetic defect observed in UV-illuminated as-deposited a-
SiNx:H is the Si dangling bond (db) (1-3,5,6]. However, after
annealing N-rich films at temperatures exceeding the substrate
temperature (T ), the N db becomes the dominant defect center
generated by U illumination [6,9]. In order to further
understand the mechanism(s) by which the intrinsic diamagnetic
defect sites are brought to their neutral paramagnetic state, we
have employed electron paramagnetic resonance (EPR), optical
illumination at different temperatures, and differing processing
conditions in this study.

EXPERIMENTAL CONDITIONS

The a-SiNx:H thin films were deposited by plasma enhanced
chemical vapor deposition (PECVD) on fused silica substrates to
a thickness of approximately 1 micron at T5 of 250 or 400*C.
The stoichiometry, determined by an electron microprobe
technique, was changed by varying the NH3 to SiH4 ratio (9-11].

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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The EPR measurements were made using non-saturating microwave
power conditions. The density of Si and N dbs were determined
by using a TE1 0 4 microwave cavity and a weak pitch spin
standard. UV-illumination (hv < 5.5 eV) was performed using an
Oriel 100W Hg lamp at either room temperature or 100 K.
Monochromatic illumination was obtained by filtering the
broadband light with appropriate narrow-band (10 nm)
interference filters.

RESULTS AND DISCUSSION

Fig. 1 illustrates the variation of the Si db densities
with film stoichiometry (x) for as-deposited and broad-band UV-
illuminated a-SiNx :H thin films. The variation of the Si db
with x have been reported for as-deposited films by a number of
investigators (10,11]. Some general features of the EPR spectra
are the zero-crossing g-value and the peak-to-peak derivative
linewidth of the Si db varies from g = 2.005 and AH = 7 G in
a-Si to g = 2.0029 and AH - 13.6 0, respectively, •or both
the as-deposited and UV-ilT•minated a-SiN :H films. The
broadening has been attributed to spin defocalization on the N
neighbors as the N content increases [6,12). As shown in Fig.
1, the Si db concentrations for both the as-deposited and UV-
illuminated films are dependent on film stoichiometry; they are
the lowest for N-rich and a-Si:H films [3,10,11]. (3) The as-
deposited Si db density is dependent on substrate temperature
(3,10]; however, the UV-induced spin density is not (3].

" Illuminated

S1018

T• / As-deposited0 06
S/

S

1I0"

0.00 0.32 0.64 0.96 1.28 1.60

x = N/Si Atomic Ratio

Fig. 1 Si db concentration for as-deposited and UV-illuminated
a-SiN :H films. The triangles are for films deposited at Ts =
2500C and the circles are for films deposited at Ts = 400 0 C.
The Si spin densities for a-Si:H were obtained from ref. 7.

It is very important to note that the time needed to
saturate the Si db density is dependent on film stoichiometry as
illustrated in Fig. 2. The samples in Fig. 2 were all deposited
at Ts = 2500C and the UV-illumination was performed at room
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temperature using broad-band illumination. The spin saturation
time in the N-rich films is extremely short compared to the spin
saturation time in the Si-rich films. We believe that this may
be a clue to the spin creation mechanism in these films. For
example, the short times needed to create the spins in the N-
rich films may suggest that the creation mechanism is electronic
in nature. Meanwhile, for the Si-rich films the time dependence
approaches that observed for creating Si dbs in a-Si:H, where
breaking of weak Si-Si bonds is believed to be the spin creation
mechanism [7]. From a chemical standpoint, this appears
reasonable since to first order one would anticipate
significantly more weak Si-Si bonds in the Si-rich films [13].

I I

S10'•

.• 10'

101-A

10'

0.00 0.32 0.64 0.96 1.28 1.60

x = N/Si Atomic Ratio

Fig. 2 Saturation time to create the Si dangling bonds in
nitride films with different stoichiometries. The films were
illuminated at room temperature using a broad-band UV lamp.

Of course, it is possible that the various saturation
times, and saturation densities, result from different
absorption coefficients of the films to the broad-band UV light
[3]. To see if this is the case, the films were illuminated
with monochromatiý light corresponding to an absorption
coefficient of 10 cm- for the different films, this ensured
that the light is absorbed uniformly throughout the films; the
power density was kept constant for all of the films using
appropriate neutral density filters. We find that the
extrapolated saturation times are still significantly longer in
the Si-rich films than for the N-rich films. For example, the
time to saturate the spin density for the x = 1.48 films was 240
min.; it was over 4000 min. for the x = 1.08 films, and over
7000 min. for the x = 0.86 films. This result indicates that a
different mechanism must be responsible for Si db creation in
the N-rich and the Si-rich films.

There appears to be a fair amount of evidence that the
creation of Si dangling bonds in the N-rich nitride films is
electronic in nature; it simply involves a change of spin and
charge state of pre-existing diamagnetic positively (+Si) and
negatively (-Si) charged Si sites [2,3,5,6]. To further
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elucidate the creation mechanism, we have measured the Si db
concentration as a function of illumination time at different
temperatures as illustrated in Fig. 3. The N-rich films (x =
1.48) were illuminated in situ in the EPR cavity at 300 and 100
K using a 5.17 eV narrow-band interference filter. The creation
kinetics are temperature independent.

We believe that this temperature independence is consistent
with the notion that neutral si db centers are created by the
pho-c-excitation of electrons from -Si sites [3]; the emitted
electro.is are subsequent captured by +Si sites to also create
neutral Si dbs. On the other hand, if the annihilation of
excitons (14], diffusion of atomic hydrogen [7), or cond
breaking events [1,13] were involved in the creation of Si dbs
for the N-rich films, a temperature dependence would have been
expected.

SN-rich films ., g- '

S1006

S.•-"i300 K

"2 0.8--

a 0.4-

0.0
10* 10' 10' 10'

Illumination Time (min)

Fig. 3 Creation kinetics of Si dbs in N-rich a-SiN1 4 8 :H films
at 300 K and 100 K using monochromatic (5.17 eV) light. The
lines were plotted using eqn. (1).

As first observed by Kanicki et al. [5], we also find that
the illumination time dependence for creating Si dbs can be fit
by a stretched exponential function both at 100 and 300 K as
illustrated in Fig. 3. The function can be expressed as:

N(t) = Ns{1 - exp[-(t/V) 3]1 (1)

where N(t) is either the Si or N db density at time t, Ns is the
saturated Si or N db spin density, ,Yis the time constant and B
is a characteristic stretching parameter related to dispersive
carrier transport. Earlier works have shown that carrier
transport is dispersive in a-SiN1 4 8 :H (15]. Dispersive charge
transport leads to a stretched exponential function, common to
many amorphous materials [16]. The values for the stretched
exponential at 300 K are 0.48 and 3900 sec for B andqY
respectively, and are 0.48 and 5000 sec for 8 and% ,
respectively at 100 K. Generally, B can be related to the
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transport of electrons (or holes) by drift or diffusion. A
larger 8 value indicates that the mechanism is less dispersive.
This stretched exponential formalism further agrees with the
assertation that the creation of spins in a-SiN1 . 4 8 :H is
electronic in nature.

As mentioned earlier, the N db has also been observed in N-
rich a-SiNx :H films. The N db is not observed in Si-rich
nitrides because it falls into the valence band [9]. To create
the N dbs & two step process is generally needed (17]: (1) the
N-rich films are annealed above Ts, and (2) subsequently
illuminated with UV-light. The density of N dbs is dependent on
the films' initial hydrogen concentration suggesting that the
creation involves the evolution of hydrogen from an N-H site.

Recently, it was suggested that once the hydrogen evolves
from an N-H group, N-charged sites are left behind that become
paramagnetic upon exposure to UV-light (17]. If the UV-light
does change the spin state and charge state of diamagnetic N-
charged sites: an analog to the creation of neutral paramagnetic
Si dbs in the N-rich films, except that now the precursors are
charged diamagnetic N sites, one might anticipate that the
creation kinetics of the paramagnetic neutral N dbs should be
similar to that observed for the Si dbs. Fig. 4 shows that this
is roughly the case. (The samples used in Fig. 4 were annealed
at 650 0 C for 15 min, followed by in situ UV-illumination in the
EPR cavity using broad-band UV light.) Not only are the shapes
of Figs. 3 and 4 similar, but the creation of both paramagnetic
centers is relatively temperature independent.

3.00

S2.40

"18" 300 K -S1.80

a 1.20

S0.60

0.00
10' 10' 10' 10'

Illumination Time (min)

fig. 4 Creation kinetics of N dbs in N-rich a-SiN 4 8 :H films
at 300 K and 100 K using broad-band UV-light. The lines were
plotted using eqn. (1). Before UV-illumination, the films were
annealed at 650 0 C for 15 min.

Last, we find that the illumination time dependence for the
creation of N dbs can also be fit by a stretched exponential
function as shown in Fig. 4. The values for the stretched
exponential at 300 K are 0.61 and 2500 sec for B and "I,
respectively, and are 0.49 and 6500 sec for 8 and 'F,
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respectively at 100 K. Hence, these results (stret-hed
exponential and temperature independence for creating the spins)
lend support for the aforementioned N dangling bond creation
mechanism.

CONCLUSIONS

In summary, we have explored the creation mechanisms of Si
and N dangling bonds in a-SiNx:H thin films by UV-light. We
find evidence that the creation of Si and N dangling bonds in N-
rich films is a charge transfer mechanism, and that charged
diamagnetic sites are most likely the precursors to the neutral
EPR active sites. For the Si-rich compositions, the results are
consistent with the Si dangling bond being created by a
different mechanism; breaking weak Si-Si bonds appears most
reasonable.
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STRUCTURE, CHARACTERISTICS, AND THE APPLICATION OF PHOSPHORUS
DOPED HYDROGENATED MICROCRYSTALLINE SILICON

"S J.J mon I). F. Kotecki, J. Kanicki', (7. C. Parks, and J. lien
IBM, Semiconductor Development laboratory, Ilopewell Junction, NY 12533
"*IBM, T. J. Watson Research ('enter, Yorktown Heights, NY 10598

ABST RA(CT

The microstructure, electrical, and optical properties of in situ phosphorus doped
hydrogenated microcrystalline silicon (Itc-Si:ll:P) films arc strongly affected by deposition
parameters and subsequent thermal processes. lic-Si:lI:11 films with thickness ranging from
200 to I1OOA have been deposited on Si and Si)2 substrates. The pc-Si:ll:P film is best
deposited at 200°C in terms of structure, and If and P content. In this film,
microcrystallites are embedded in an amorphous matrix and have a volume fraction of
•-85%. The hand-gap of the film is 1.8 cV. In this paper, the materials and processing
issues of pc-Si:1:l"( deposited in a parallel plate RF plasma and in a downstream RF plasma
chemical deposition reactor have been studied using IIRTIM, SIMS, electrical, and optical
measurements.

INTROI) TI-CION

The concept of using a wide band-gap emitter or a narrow band-gap base in a
heterojunction bipolar transistors (11BTF) to improve the transistor performance was intro-
duced by Shockley and Kroemer in 1950s [I]. TIis idea has been realized later using the
more advanced epitaxial growth and thin film deposition technologies. Recently.
hydrogenated amorphous silicon (a-Si:ll) [2]. hydrogenated microcrystalline silicon
(psc-Si:li) [3], and hydrogenated amorphous siliocn carbide (a-Si(C:l1) [.] have been used as
emitter contacts in IIB's to suppress minority carrier injection and improve the current
gain. Nevertheless, the resistivity, thermal stability, stress, and the reproducibility of these
materials still need to be optimizcd and controlled. In this paper, the correlations between
structural, chemical, electrical, and optical characteristics of pc-Si:l1:1P grown by plasma
enhanced chemical vapor deposition (PIECVI)) have been studied. Tfle effects of thermal
processing on the structure and properties of tc-Si:lT:P are reported. [he use of a silicon
nitride cap prior to anneal is shown to limit crystalliwation during RIA. It has also been
demonstrated that polysilicon can be deposited by low pressure chemical ,apor deposition
(IPCVD) at 630'(C on top of a thick mc-Si:ll film without changing the structure of the
ptc-Si: I film.

F.XPF'RI M |;NTAI.

pc-Si:lI:P films were deposited on Si and SiO2 substrates in a parallel plate RF
powered reactor with the gas mixture of I% PIh. in Sills and 100% 112. Before deposi-
tion, Si substrate were cleaned by the RCA procedure [5], then 10:1 It: dip, and imme-
diately loaded into the piocess chamber and pumped down to a base pressure of 2 x I06
"Torr. Films with a thickness of 200A to o.Iim were deposited at dillerent substrate tcm-
permtures and gas dilutions ( % of (1% I PIl3/SiI,) its 112). RI power density, total pres-

Mat. Res. Soc. Symp. Proc. Vol. 242., 1992 Materials Research Society
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sore, and the flow ratc of P' I'll., in Sill 4 wats 0.1 W-rin 1, 1)0 ,Iorr. an 10( I)ScCrn.
respectivelk. - able I suinilnari/es the deposition paramecters, the structure, rcsiqtis'ity. and(
I I and( P content of' the (li~ns,

pc-Si:lI: P Films with and withoult a silicon nitride cap wcrc then rapid thermal annealed
at a temperature between 600) andl I0000 U in N? for 10-30) sec. Polysilicon was. deposited
onl thick lic- Si:ll flmis at 0300( in a conventional I. I'( VI batch reactor From silane.

Tern- (~s Struc- Dep. Avg. Resistivity H P
perature Dilution lure Rate Grain (11-cm) Content Content

(C)O ~ o (O/mm) (A) (I Jim (ern>') (em 1)
___________ thick)_____

1001 1 NI 36 25 1. .3 x ](
2

- l..5Xl1 2
n

100 11) A 120 - 1 I.3x 1022 4.x 102f)
20%) 1 M 48 10) 0.28 1.31x 1022 2.0x 102f)
2M)1 2 mI 74 30) - 9.9X 1()21 4.tOx I01q
20)0 5 NI 91 30) 9.9x 102, SO0X 100,
200 Ill %1 103 10) 1. 2 x 1%)2- 4.7x 10)2n
200) .~ A 245 - - 1. 1 x 107, 5.0x 1011
300( I MI 48 35 01.21 8.1 x1()2

1 1. 3x 1()2

30)1 II0 I 197 IS - 5.6x 1021 4.3 x 1020
400% 1 NVI 91 40) 0).13 1.4x 1021 2.4x 1021
400) 10) N 143 40) - 9.9x lI 3.1 I, x I02 ,n
5001 1 \I 52 50) 1.1)5 S.%)x 10)9 ILOX 10)2,

50L.__.IL___~M. ___U9L.. __5QI - _

laole 1. Hie deposition conditioiis and the correspoitling structture (either amorphous (A)
ur microcrystalline CMI)). depositioii rate, average grain size, resistivity. and the II. 1P con-
tents in tie films.

RFSUIAS AND) IISC[ SSION

From 'fable I, the film deposition rate decreases with increasing 112 flow because the
atomic HI produced in the plasma enhances a competing etching process. Ihis reverse
etching process call be promoted by N the addition of' I I wsill also preFerenrtially elinlin',te the
energetically unfatvorable anmorphous struct tre. H ence, inicrocrystallinitv canl he promoted
by gas dilution [6]. [lie microcrN stalline film shossn in Figure I was obtained at a
suIbstrate tenmperatutre of' I (ON by Using at V,`,, diluiti~nt o ' (1¼ P1113'Si 114) inl If,, While
those films deposited with 10"'. dilutioni are entirely amorphous at this temperatture. lit
Fig. 1, microcrvstalhites with average size of 25A are' embedded in the aiiorphois, matrix
and have the volume fralction of' 895' . [he lic- Si:II lc-Si initerfitce is clea n wvith out
visible residual oxide.

At a constant growth Iiteipera I tire. t1 flie n resist ivit15 decreases as the film thickness is
increasedl becatuse the crystallite grain size is larger in the thicker Filml [7], antI also becatise
more P 110m atnl ctivatedi with 2% larger crystallite size. At a constant film thickness, the
crystallites size increases wvith increasing growth temperatuire. while the hIlnt resistivit%
decreases as shiowni in IFable 1. At at higher temperature, the adsorbed stirface species (Sillfý
and PH l) are more miobile and can migrate to lower energy sites. Therefore, Si atomsq canl
be incor-porated into ain ordered crystalline structure tlicreby increasing the cry~stallite size
and ac tivat ing more I' atoims. Irom the electrical and compositional measurements.
approximat1ely I 0"ý oF thle P is a ctiva ted in the pec-S 1i:11 film, and the rest of' the P is likely
segregated] at gra in boundaries or iii the amnorphious phase.
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Figure 1. A high resolution lattice image of a 350A -thick Mc-SHITl: film dcpositcd at
l(XOT( and with Iý' o ofP' (1%'ll 'Sil Is) in I112. lhe arrows indicate thle clean 5pc-Si:l l:P 'c-Si
interface.

Fijgure 2. Cross-sectional lattice image of a 260A lic-Si:II: film after a qOOTC. 30 sec R1,A
without an a-SiNj: I capping laver. The fic-Si:I 1:11 film is totally recrystallized. and the ori-
ginal uc-Si:l I:P/crystallinc Si interface is indicated by the arrnws,
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Figure 3. Cross-sectional lattice image of a 260A Pc-Si:I ll lilm after a 90(0 C. 30 sec RTAwith a 5000A a-SiN:l I capping layer. The original pic-Si:ll:P'cr-,stalline Si interface is indi-
cated by the arrows.

'm

Figure 4. Cross-sectional images or the test structure (a) polysilicon/pc-Si:lI:Pic-Si and (b)
polysilicon/pc-Si:F1:P/Si 3 N4 . The structure of the pc-Si:ll:IP remains unchanged after a630*C, 5 min polysilicon deposition.
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The structurc, electrical, and optical characteristics of pc Si:Jl:13 are strongly affected
by thermal process. To limit recrystalliiatiui, during RTA, a 0.5jmn-thick nitrogen-..ch
hydrogenated silicon nitride (a-SiN,:ll) capping layer was deposiced onto uc-Si:ll:P befo're
RIA. Trhe lattice images of a 260A Pc-Si:ll1:1 film after a RIA at 9(X)'( foý 30) set. without
and with a 0.5mm a-SiN,:lIf capping laver, respectively, arc shown in EigF 2 and 3.

Without the capping layer (Fig. 2), the microcry stal line film is found to totally recrys-
taflize: and align with the thle substrate. Voids are aLo observed in the film which are
believed to be trapped 112 bubbles, which lead to si -face roughness. SIMS measurements
show that the 11 concentration decreases after a RIA%. The optical band-gap decreases with
increasing RTA temperatures, and it was measured to be approximately 1.8 eV, 1.33 CV,
and 1.1.5 eV, respectively, after a 600'C, 7000(C, and 900'(7, 10 sec RTA.

With an a-SiA'.:IJ capping layer (Mig. 3) the structure consists of a 40A recrystallized
lc'er at thle pc-Si:Il:P~cvstallinc silicon interface and a 220A layer of pofycrystalline silicon
wit anaeaeganTr f 4A hus, an a-SiNJIl layer has been shown to inhibhit
recrvstalitiation of lic-Si:IE fi *i. limit formation Of 112 bubbles, and hence prevent surface
roughening,

Volysilicon films were deposited onto the tic-SHITll films to test the thernial stability
of the tic-SHIT: films. Fitst, a uic-Si:ll1:11 film was deposited on a Si substrate or on top of
a Si 3N 4 layer by I'E(7Vf) at 200'C7. Subsequently, a polysilicon film was deposited on
these structures by I.PCVI) at 630'(C. The p'c-Si:l l:P film structure on both Si substrate
and Si3N4 is unciianged after thle 630'C7, 5 min polysilicon deposition.

CONCTIl ISIONS

)o conclusion. pc-Si:JJ:IT is best deposited at 200-100'(' by PITCVI) in terms of micro-
structti. e, I I and P content, and dopant activation.

I . Fihe microstructure and opticaf band-gap of flu-Si:11!: 1 films was found to be stable if
subsequent thermal cycle is kept below 6500(7.

2. An a-SiNj: I capping layer is deposited prior to the anneal has been found to suppress
I I evolution and inhibit the recryssalli/ation of pc-Si:l 1: 11 film during higher temperature
R'IA. T'his a-SiNJ I cap can be easily removed by wet etching in 10: 1 Ill: Or 1131'04.

3. It has been shown that polvysilicon can be deposited by LP(7VI) at 630()' on top of'
mnicrocrystalline silicoti without altering the structure of thle tnicrocrystalfinec film.
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EL.ECTRICAL AND OPTICAL PROPERTIES OF OXYGENATED
MICROCRYSTALLINE SILICON (mc-Si:O:H)

I I ARAJI ,'-UNIL GOKHALE ,S.M.CHAUDHARI M, TAKWALE AND S.V.GHAISAS
".:hon& it' Energy Studies,Dept. of Physics,University of Poona

-L-partment of Electric-I Science University of PoonaPune 4l001INDIA

ABSTRACT

Hydrogenated microcrystalline silicon with oxygen(mc-Si:O:tl) is grown
using radio frequency glow discharge method. Oxygen is introduced during
growth by varying it's partial pressure in the growth chamber.The

crystalline volume fraction 'f' and the crystallite size '6W are fourld to
vary with the oxygen content. Results indicate that oxygen can etch the
silicon surface when present in low amount while it forms a-SiO2-x with

increasing contents. Optical absorption studies in the range of' 2 to 3 eV
suggest that the absorption coeffi.ient 'a' lies in between the values of

c-Si and a-Si:lt being closer to a-Si:H.The Hall mobility measurements for
these samyljs indicate that for optimum oxygen ccntents the mobility as high
as 35 cm V sec can be obtained. Results on I-V characteristics for p-i-n

structure are presented.

INTRODUCTION

Role of oxygen in silic n as an n-type dopan, impurity was recognized

by Kaiser[l],and the exact mechanism for such a behaviour is still not well
understood. It is well established however that oxygen a.ters the electrical
behaviour in c-Si depending on it's concentration and shows reproducible
results for annealing behaviour(21. The hydrogenated microcrystalline

silicon is studied over last decade both as a potential application
material in devices 13,4,5,6] and to understand growth of silicon from a
silane plaima [7l. So far effect of oxygen incorporation in mc-Si:H on it's
electrical and optical behaviour has not. been reported. In this paper we

report ,effect of intentional oxygen incorporation on f,,opticai 'sorption
aHall mobility p H and the conductivity a of mc-Si:H.Oxygen cintaining

mc-Si:l{ will be rererred as mc-Si:O:H.

EXPERI1MENTAL

The films were deposited under the 13.56 MHz r.f.glow discharge in an
Anelva (Japan) made systeme.The deposition conditions were: SiH4 and Ht2 flow

rates-O.5 and 100sccm respectivelysubstrate temperature- 300
0
C,the

r.f power density-0.47W/cm and the pressure during depo" tion- 0.2To.'r.The

background pressure in the system was less than 10 T.The films were
deposited on 7059 corning and (100) oriented Si wafers after following

standard cleaning procedures.The X-ray diffraction measurements were carried
out on a Seaman-Bohlin arrangement.model Rotaflex .200B,by RigakuJapir.The
X-ray diffraction was measured with incident angles in the range of 0.2 to
7°.Volume fraction was determined from the area under (111) plane
diffraction peakas the relative intensity for all other planes in different
samples was within experimental errors.6 was determined from FWHM

measurements of (111) difraction peaks using Debye Sherrer formula[8l.lnfra
red (I.R.) absorption measurements were carried out on a Perkin-Elmer
I.R.spectrometer (model 783).The 02 partial pressure was adjusted using a

precision leak valve before introducing SIB 4 and H2. The partial pressure was

varied from 2 , 10- to 5 1 10-3 Torr.However beyond 5 1 10-6 Torr the

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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microcrystallanity was lost.lHence, results larg presented in the oxygen

partial pressure range of 2 , 10 to 5 10 Torr.The estimated pumping
speed at the chamber is 70 ltr/sec.Optical transmission and reflectance

measurements are carried out in the UV-visible-NIR wavelength region using a
Hitachi-330 spectrometer- The optical gap was ýoun)q from the extrapojed
,ine intrcepts from the high absorption (a 1 O'cm- region in (alap) Vs

(hv) plots for each sample.The Hall measurements were carried out on the
films deposited on 7059 corning glass substrates having film dimensions ,3
mm width 15 mm length and ears for electrode placement.The measurements
were carried out in dark with constant ambient temperature. The Hall voltage
was measured on a Keithley electrometer (model 614).Typically time required
for a stable reading varied from 1 to 4 hours.The conductivity measurements

were performed usng Van der Paw as well as 2 point probe method.

RESULTS AND DISCUSSIONS

Effect on the film morpholopy

A S Fig. I shows variation of f and 6

J as a function of the oxygen partial
pressure p.2.A maximum for 6 (550 6 50

A°) is obtained around 1.6 - 10- T of'

LO p02. Similar value is obtained in mc

Si:H prepared by photo-i'VD method
while by r. f. glow discharge to be

around 400A° g, 1lO1.Since the only

parameter varied is P02 the variation

in 6 can be related to the presence of

nescent oxygen in the plasma. The sample
without intentional oxygen

C3 incorporation (here after referred as
sample U ) has the highest f value

0 co (0.64).With increasing po2 f decreases

down to 0.43.The relative 02 contents

of these films is obtained from the

S• . _, I.R.absorption measurements.As can be
- P.2 (T-)I seen from t.he Fig. 2,the SI-O-Si

stretchiig mode lies in between 1000 to

Figure 1- Variation of volume 110Y cm -with a tendancy towards 1100

fraction f and crystallite size 6 ascm as P0 2 increases. In fact we could

a function of oxygen partial pressureclearly identify SiO2 at high enough
Po. The continuous line is only as a - IDt

guide to the eye. 02 02

oxygen related stoichiometry in the films is like Si0 The growth rate is

observed to be 1.1 A°/sec for sample U,while it is less than 0.8 A°/sec for

films In the presence of Intentional oxygen.6 increases with P02 untill 1.6

10 T (Fig. l).larger value of 6 Indicates smaller value of surface nuclei
during growth.ilence increasing 6 while simultaneously decreasing growth
rate with po2 Indicates that oxygen from plasma is etching the surface

during the growth.This behaviour of oxygen is different compared to that of
hydrogen,which Is shown to influence the growth of microcrystallanity via

mechanisms other than etchlng[71.
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Figure 2- I.R.
U U absorption spe

P ctra for microc
Po rystalline fil

-7 ms deposited
with different

-7 oxygen partial
z pressures.

2 1-6X -6
U)

U)

tSi-H 2  liHt s,-o-s, ts,_H

2200 2000 1100 1000 800 600

WAVENUMBER (crn"I)

4 Fig.3 shows that the oxygen

A-i- contents in the films increases with
po. For pressures exceeding 2..

S6lO-6
Tboth ,3 and f decrease

o(Fig. I).From the shift and the area

O 0~l under the I.R. spectra in Fig.2,it is
z seen that SiO content is increasing
< 2-x

with a concomitant shift of % towards

OThis indicates that under high enough
S06. pressure oxygen atoms cluster around

Z the adsorbed Si atoms forming stable

Sio nuclei,that help build amorphous
cc 2
z O.z network around it.

Fig.3 also shows that relative
D hydrogen content in the film increases

U //with po.The hydrogen content is 6 % in
W P02

2 0.2 the sample U,where _s it increases to
20 % at p=5 10 T.Thus oxygen in

the film, damps the hydrogen removal
from the film during growth. We expect

10.!;6?1' 5xldý'5.16
6  

most of the hydrogen and oxygen to be
- oP rj .(.o._r) incorporated in the amorphous regions

Figure 3 Shows relative of the films that form the
concenrationofSi-3n S i dat intergranular regions between differentconcentration of Si-H and Si-O bonds, icrorystallites, lndeed, the films get

as calculated from the area of the passtates cndeee film geabsrpioncoffciet s v umerp~assivated as can be seen from the
absorption coefflcent Vs wave number electical measurements discussed in thecurves. The absolute content of the next part of the paper.

hydrogen can be obtained by
multiplying the 2 2 relatlve Electrical and optical properties
concentration by 1.24 10 cm The -
area for hydrogen Is considered_7nly We show absorption coefficient a
under the wagging mode at 640 cm . In Fig.4 in the range of 2 to 3 eV.For

comparison ,a for c-SI and that for a-SI:H (bandgap=l.6 eV) Is also
shown.All these films show absorption higher by an order of magnitude than
c-SI above 2.2 cV.However a rapidly decreases near 2 eV.The bandgap from the
Tauc plots for these films Is estimated to be around 1.8 eV while It is
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close to 2.0 eV for the sample U.

Fig.5 shows c (a)'PH and n (b),as a function of p0 Thermal gradient

test shows thatill these films are2 ni-ype.for the sample U ,n is of the

order of 10 cm while PH is ~I CmVV sec -31.Increasing the oxygen (and

hydrogen) content increases the _mQbility simultaneously decreases the

carrier density untill po2=1.6 , 10 We speculate that the carriers in the

sample U are contributed from the defect complexes in the intergranular

region of the microcrystallites.On addition of oxygen and hydrogen these
donor states alongwith trap states associated with these complexes ar?
rem2 yedrendering high mobility.The maximum mobility is about 40 cm V

sec which is comparable to the one obtained for polycrystalline samples

o S- S. 
0- 'R T

.53

2-H

C--5

20- 13 110

C 5, 18•'

j 43

~2 0 2 1 2 2 2 3 2.. 2'5 ''S 2'7 2.8 259 32 QU '-------,- 1-E (0V) 1.10-1 S.10 Ix 10" 5

Figure 4- Shows the variation of the -- Po 2 (Torr)

optical absorption coefficient a in Figure 5- (a) Variation of room

the photon energy range of 2 to 3 eV temperature conductivity a and (b)
for various p02. Corresponding plots that of Hall mobility PH and carrier

for c-Si and a-Si:H are also given density n with P02.
for comparison.

having grain size - 300 A
0

111[.Thus clearly a passivotion effect is

observed,when we compare the PH values of mc-Si:H films grown by

r.f.d~scSarge!methods where for 400 A
0 

grain size th% value does not exceed
2 cm V sec [12].On increasing P02 to 5 x 10 T,', decreases to 8

cm
2

V-
1
sec-. Correspondigly, the 6 value decreases to 120 A

0
.We find that the

PH varies sensitively with the oxygen content. It increases with -5 but is

insensitive to f.Effect of oxygen on the mobility can be understood
qualitatively using an expression for pef' based on phenomenological

considerations for polycrystalline semiconducting materials having grain

size 5 600 A°[131.

• A1/2 )-Ipe = u/ ((I-ntt/Ndd)÷ exp(qVb/KT) • (2 m m K Tl p / s q d) (I)
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where, p is mobility in the grain,n, is the filled trap densityt is the
qt

thickness of the grain boundary,Nd is the dopant concentration,d is the

average size of the grainq is
electonic charge, s is a correction

"- ILsnumnoion parameter and V is grain boundary
b

potential.
The increase in p. observed in the

mc-Si:O:H samples is attributable to
Increase in d.decrease in V and

b

nt. Thus removal of trap states on

oxygen and associated hydrogen
incorporation and increase in 6 seem to
be the main effects reoponsible for the
increased mobility,within the model
used in expression (1).

Since mobility for mc-Si:O:H is
higher than mc-Si:H by an order of

S: 2 /i-./rS.O.H/n,-,¢Si:H magnitude, the product PT.where T is the

lifetime of the photo-generated
carriers, is also large. It's absorption

S--0c:-• properties in the 2 to 3 eV range are
1 100X0 IM 10D Soo cccomparable with a-Si:H.Hence it is

'cC'O' expected to favourably response as an
11 .ou active i layer in a p-i-n type solar
Sn celtWe have deposited on SnO2-1.ea 7 as 1CF3 m22

deposited glass substrates (resistance
~ 10 2/a ) following sequence of

03 layers.a-S!:H 1p - type)40 A :mc- Si:B

(- - type) 300 A :mc - Si:O:H 3000

mcA mr - Si:H (n - type) 180 A°.:
Figure 6- I-V characteristics for themetallisation with Ag.Fig.6 shows the
sructure Sn0 2\ p- a- Si:H (40 A°)\p-I-V plots for this configuration with

mc-Si:4 (300 A)\mc -Si:O:)H (3 0 0 0 and without illumination under reverse

A°)\n -mc- Si:H (180 A°)\Ag ,with andbias.Clearly a current gain on

without illumination under reverse illumination - 10 indicates that the

bias conditions.The inset shows the photo conducting properties of this

forward characteristics for so armaterial are reasonable compared to

cell operation. a-Si:H.The inset shows the forward bias

2 o tnharacteristics for the solar cell
application. Over 1 mm area a fill factor around 9.53 and an efficiency of
7.5 % could be obtained. Isc values up-to 22 mA/cm are observed.The VOC is

however relatively low (- 0.5 V).We have measured the rapacita~ce for this
structure as a function of reverse and forward voltage. The I/C Vs V plots
are linear and indicate a value 1.05 V for the barrier potential Vbi from

the intercept on the V axis. It is possible that relatively highier series
resistanceand the recombinations at the junctions are reducing the V.OC With

appropriet deposition conditions it can be improved. Further work is in
progress in that direction.These results suggest that mc-Si:O:H can be a
potential material in the photo-voltaic devices.
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CONCLUSION

Intentional inclusion of the oxygen in the r.f. plasma during the growth

of mc-Si:Haffects the morphology of the film as well as it's elctrical and

optical properties. Effects on the morphology are manifested mainly in terms
of changes in 6 and f.The variation of 6 and f with P02 suggest that the

oxygen on the surface introduces two competing reactions; one is etching of
the adsorbed Si atoms when oxygen concentration is less while other is
formation of SiO2_x at higher concentration that presumably leads to

amorphous network around it.
gn_?ptimym oxygen incorporation, elctron mobility can be improved above

30 cm-V sec in mc-Si:O:H.It shows comparable absorption in the 2.2 to 3.0
eV photon energy range to that of3 a-Si:H. The unintentional n-type dopant
density in this case is - 10 cm Results on p-i-n structure demonstrate
that the material has potential for photo-voltaic devices.
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ABSTRACT

A variety of applications are identified for heteroepitaxial structures of wide gap

I-III-VI2 and II-IV-V 2 semiconductors, and are assessed in comparison with ternary III-V

alloys and other wide gap materials. Non-linear optical applications of the I-Ill-V12 and

lI-IV-V 2 compound heterostructures are discussed, which require the growth of thick

epitaxial layers imposing stringent requirements on the conditions of heteroepitaxy. In

particular, recent results concerning the MOCVD growth of ZnSixGel.xP2 alloys lattice-

matching Si or GaP substrates are reviewed. Also, heterostructures of CuzAgl-zGaS2

alloys that lattice-match Si, Ge, GaP or GaAs substrates are considered in the context

of optoelectronic devices operating in the blue wavelength regime. Since under the

conditions of MOCVD, metastable alloys of the II-IV-V 2 compounds and group IV

elements are realized, Il-IV-V 2 alloys may also serve as interlayers in the integration of

silicon and germanium with exactly lattice-matched tetrahedrally coordinated com-

pound semiconductors, e.g. ZnSixGe1-xP2.

1. PRINCIPLES OF WIDE BANDGAP MATERIALS SELECTION

Wide bandgap semiconductors, i.e. semiconductors Nith bandgaps Ž2 eV, are as-

sociated with high chemical stability as well as low intrinsic carrier concentrations, and

consequently large built-in voltage/small leakage current across electrical junctions.

Therefore, they may be operated at elevated temperature and represent valuable sup-

plements to conventional semiconductors that have smaller bandgaps, i.e. Si and

GaAs, in specialized applications that expose the electronic circuits to hostile corro-

sive, radiative or thermal environments. Another possibly advantageous use of wide

bandgap materials is in the construction of microwave transistors having high Johnson

figure of merit

S1/2Ft = EL(1)

Mat. Res. Soc. Symp. Proc. Vol. 242. ' 1992 Materials Research Society
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However, the large gains in the Johnson figure of merit, that have been reported in the

literature as an incentive for research and development [1], refer to break-down fields

Lb in the limit of very small ionized dopant concentrations. This implies larger impe-

dance Z than for the less depleted junctions in conventional semiconductors and thus

translates into less dramatic improvements in the maximum power Pm and cut-off fre-

quency Ft than in the figure of merit. Controlled complementary doping and low resis-
tivity ohmic contacts are important topics of the experimental evaluation of the perfor-

mance and reliability of microwave devices built from wide gap materials which, in

time, will reveal their true potential. The engineering of appropriate doping profiles at

electrical junctions is a particular problem of wide gap materials because of the

difficulties in identifying shallow dopants and in controlling their stoichiometry within
narrow tolerances. The latter is important because of the role of native point defects in

the formation of DX and recombination centers degrading the control of the conduc-

8 eV
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5 eV - - - - - - - - - - - - - - - - - - -

- - - - - - - -- -- - - -- - - - -
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Figure 1. A Selection of semiconductors ordered by their bandgaps and a-axis lattice
parameters. Open diamonds: group IV elements; open circles: Ill-V com-
pounds; filled circles: vI-IV-V2 compounds; open squares: 11-VI compounds;
filled squares: I-III-V12 compounds. The asterisk denotes the wurzite structu-

re. In this case, m2xa(wurzite) is used for the plot.
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tivity and carrier lifetime [2,3]. Also, within a given class of materials, larger bandgaps

correspond generally to larger effective masses. Therefore, it is prudent to select for a

specific optoelectronic applications a suitable material with minimum required band-

gap.
Figure 1 shows a selection of semiconductors ordered by their bandgaps and a-

axis lattice parameters. Diamond holds a unique position among these materials

because of its high thermal conductivity (o = 20 W/cmK and saturation velocity vs =

2.7x10 7 cm/s that may provide for potential gains with regard to the power dissipation

and possibly also reduced delay in future microelectronic circuits made from diamond

as suggested by its relatively high Keyes figure of merit c(Vs/E1)
1/2 [1]. The Ill-V

compounds with bandgaps Ž6 eV, e.g. BN, BP and AIN, have thermal conductivities a

< 1 W/cmK. Consequently they are not a match to the potential of diamond with regard

to replacing conventional semiconductors in future microelectronic circuits. However.

they may become useful as nearly lattice-matched dielectrics for the realization of

diamond and silicon carbide MIS transistors. Another field of applications, where

ternary alloys and compounds can make an impact, is optical electron'cs. In principle,

nearly lattice matched BN/diamond, and exactly lattice-matched BNyPI-y/GaN and

slightly mismatched AixGal-xN/SiC and AIxGal_×N/GaN heterostructures could be-

come useful materials combinations for the fabrication of uv emission and detection

devices if the problem of controlling their electrical properties can be solved. In spite of

the long time of R&D on SiC and GaN light emitting devices, laser emission has not

been achieved in these materials thus far. Considerable progress has been made with

respect to AIxGa 1_xN/GaN heterostructures in the past decade, but the doping of Al-rich

alloys still remains to be a serious problem, as is the lattice-mismatch of AIN and GaN.

Therefore, a closer look at alternative materials is in order. There exist several

semiconductors that have direct bandgaps in the range 2.5 <_ Eg! 3.5 eV and a-axis

lattice parameters _!5A. Semiconductors with even lower energy gaps are appropriate

for use as low gap components in the engineering of quantum wells, wires and boxes,

where above band gap optical transitions in the blue wavelength regime are made

possible by confinement effects. At least some of these materials systems exactly

lattice-match readily available substrate wafers of excellent mechanical and thermal

properties, e.g. Si, which adds further credence to their exploration.

All compounds of interest in this context represent normal tetrahedral structures

obeying the Grimm-Sommerfeld rule [4] and are related by cation substitutions as

illustrated in fig.2. The lowering of the symmetry from Fd3m for diamond to F43m for

the zb structures I1-VI and IlI-V compounds to 14,2d for the cp structure II-IV-V 2 and I-Ill-

V12 compounds, ;n conjunction with spin orbit splitting, completely lifts the valence

band degeneracy at the zone center for the cp structure materials with potential advan-

tages to their use in the construction of spin polarized electron photoemitters. Also, the
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Figure2. Schematic representation of the diamond, zincblende and chalcopyrite

structures.

smaller first Brillouin zones, associated with the larger unit cells of the cp structure
materials as compared to their zb structure parent compounds, cause certain

vectors,that are fractions of a reciprocal lattice vector in the zb structure, to become full
reciprocal lattice vectors in the cp structure which results in a remapping of several
high symmetry points from the zone boundary into the zone center, e.g. Xzb maps into
Ecp. Thus indirect bandgaps in the zb structure may become direct in the cp structure,

as for example in the case ZnGeP 2 which is the lI-IV-V 2 analog to GaP. However, the

bond length differences, established in the bonding of the anions to the two different

cations in the cp structure, result in a displacement of the anions from the ideal zb
structure sublattice positions and cause ratios of the c- and a-axis lattice parameters

c/a # 2, which is not recognized by zone folding schemes.

First principles band structure calculations for the 1-I11-VI and ll-IV-V semiconductors

have been carried out (51 that incorporate the contributions of the outer d-electrons of

the group I and group II elements to the bonding and account for the tetragonal distor-

tions. They show that in the i-Ill-V12 compounds, the group I d-electrons contribute

substantially to the charge density in the upper valence band which is corroborated by

the sulfur K-edge features observed in x-ray absorption near edge fine structure

measurements [6]. The hybridization of the group I d-electrons with the chalcogen p-

electrons in the upper valence band has a pronounced effect onto the band gap
accounting for about half of the band gap narrowing in the 1-1I1-V12 semicon-ductors as

compared to their I1-VI parent compounds. For this reason, CuGaS2 has a substantially
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smaller bandgap ZnS (see fig.l). On the one hand, this places CuGaS 2 outside the
range of compounds that can be used for the fabrication of blue light emitting diodes,

but on the other hand, it implies significantly lower tendency to self-compensation than

for ZnS. The bandgap depression is less for the silver containing 1-III-V[ 2 compounds,

as illustrated by the higher bandgap of AgGaS 2 as compared to providing the

opportunity for blue emission from alloys on the pseudobinary CuGaS 2 -AgGaS 2 .
Another suitable cp structure materials system is the ZnGeP 2-ZnSiP 2 system. Both

systems provide readily for p-type conductivity and exactly lattice-match GaP or Si

substrates. Also, ZnGeP 2 and AgGaS 2 exhibit substantial birefringence and are thus

suitable choices for phase-matched non-linear optical applications. Therefore, we

focus in part 3 of this paper onto heteroepitaxial structures of cp structure materials.
since the ordering of ternary Ill-V alloys of composition ABC 2 observed under !he

conditions of MOCVD and molecular beam epitaxy (MBE) [6-17], established an addi-

tional tie of the Ill-V alloys to the cp structure materials, and considerable knowledge
has been gained in the heteroepitaxy of II-V systems that pertains to the

heteroepitaxial growth of the cp structure materials, a few remarks are added in the
following part 2 of this paper on ternary Ill-V heterostructures.

2. HETROSTRUCTURES EMPLOYING TERNARY III-V ALLOYS

There exists a substantial body of knowledge regarding the heteroepitaxial growth

of nearly lattice-matched Ill-V alloys on silicon and germanium that gives valuable in-
sights into critical steps during the nucleation stage and into interdifusion/autodoping

during growth:
1. Lattice-matching is not necessarily a guaranty for high quality epitaxial growth,

i.e. appropriate in-situ surface cleaning is essential. For example, the relatively close

lattice matching of GaP to Si resulted only recently in superior defect structure in GaP/
Si heterostructures as compared to substantially mismatched GaAs/Si heterostruc-

tures which was clearly related to improvements in the surface cleaning [18].
2. Even at the relatively low substrate temperatures of MOCVD growth, interdiffu-

sion/autodoping can be substantial and requires the development of growth methods
that proceed at low temperature. Figure 3 shows the SIMS profiles of the Ge doping
profile at the interfaces of nearly lattice-matched AlxGal-xAs/Ge heterostructures
grown by MOCVD grown at selected temperatures without any intentional introduction

of Ge into the vapor phase. The enhanced interfacial recombination associated with
enhanced Ge doping in the interfacial region at the higher growth temperature forces,
in this case, a compromise between low interfacial recombination velocity at low

growth temperature and high bulk lifetime of minority carriers in AIxGajixAs epilayers

grown at high substrate temperature [19].
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Figure 3. SIMS profile of Ge at the interface of AlO 0 8 Gao 92 As epilayers grown by

MOCVD on Ge at selected growth temperatures.

3. In the same study [19], microscopic APBs were observed at the AIlGaAsi.,/Ge

interface that terminated upon a short period of growth. The mechanism for the

termination process is not known at present, and remains to be an important research

topic since microscopic APBs at interfaces could have significant effects on the perfor-

mance and reliability of heterostructure devices. The cause for the formation of

localized APBs could very well be related to the break-up of double steps on vicinal

surfaces of Si and Ge into single steps at kinks as revealed by STM [20]. Since the

production of discontinuities in surface steps by impurities is also well known, this

enhances the above stated importance of an effective in-situ surface cleaning step as

part of the epitaxial growth sequence.

The growth temperature of MOCVD can be lowered, and the interdiffusion/autodop-

ing problem can thus be reduced, by either an atomic layer epitaxy (ALE) approach,

which makes use of sequential chemisorption / reaction cycles (21], or enhancement of

the growth rate at a low temperature by plasma/light excitation of the precursor

molecules (22]. The former two approaches work well for small layer thickness

because they are inherently very slow. This is tolerable in the construction of thin

confined hete-rostructures, but is prohibitive in cases where thick epilayers must be
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produced. For reasons discussed below, this is necessary for non-linear optical

applications of heterostructures of the cp structure materials Plasma enhanced

MOCVD has been used by us for surface cleaning of silicon substrates prior to GaP

growth and for the in-situ generation of phoshine and highly reactive fragments thereof

from solid red phosphorus in a remote helium-•hdrogen plasma [23]. Extreme caution

is required in such a process since the semiconductor surface may be easily damaged

by energetic particles extracted from the plasma. Thus light enhanced MOCVD

appears to be the most favorable approach in the context of the desired heterostruc-

tures in particular since such a process can be carried out in an ALE mode with

alternating chemisorption / illumination-reaction cycles, if so desired it, the context of

confined heterostructures.

The ordering of ternary lIt-V alloys of composition ABC 2 in the CuPt, CuAu-I or cp

structures has been reported for a variety of systems [6-17]. Although initially theore-

tical predictions characterized the ordering as an equilibium phenomenon, more

recently, these predictions have been revised to support the conclusion that the

excess free energy is positive for all mismatched systems and nearly zero for the

lattice matched systems considered [24]. Possible exception are AIInP 2 and AlInAs 2

for which first principles caiculations result in a negative bulk formation enthalpy [251

which is at variance with the results of the empirical tight binding calculations of

reference [24]. In view of difficulties with accounting for entropy effects in the tempera-

ture dependence of the free energy and the very small values for the excess enthalpy,

theoretical approaches presently cannot explain the exper.mentally observed order-

ing, which may be related to surface energetics that could stabilize ordering [26] in

conjunction with kinetic hindrances that prevent the rearrangement of atoms, once

ordered, into the thermodynamic equilibrium configuration. Under certain conditions of

epitaxy, the ordering may be entirely controlled by kinetics, i.e. the modification of the

energy barrier to the addition of a new layer of cations, A or B, on polar surfaces may

be affected by the backbonding of the anions C to the next subsurface layer of cations.

B or A, which generally possess different electronegativities and sizes. This principle,

in conjunction with the choice of ligands on the precursor molecules for growth, may

favor the alternative audition of A and B atomic layers even though a disordered bulk

lattice is energetically favored. However, regardless of the mechanism of ordering, the

prospect of subsequent disordering and concomitant bandgap changes in the

presence of fast diffusing impurities [27] or of radiation enhanced diffusion in the volu-

me filled by laser light of relatively high energy, the lack of thermodynamic equilibrium

is of concern in the context of device reliability. Therefore, in opinion of the author, the

thermodynamically staole II-IV-V 2 and 1-111-V1 2 semiconductors are superior to

metastable ordered ep'taxial structures, such as ordered III-V layers, in all applications

that require a non-cubic component in a heterostructure, e.g. non-linear optical ap-

plications that require birefringence for phase-matchiing.
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3. HETEROSTRUCTURES OF CHALCOPYRITE STRUCTURE SEMICONDUCTORS

Both positive and negative values of the birefringence are realized in cp structure

semiconductors [28] so that type I as well as type II phase matching may be realized in

frequency mixing, harmonic generation and other non-linear optical applications of

single crystals of these materials. Second harmonic generation (SHG) with 3%

conversion efficiency for 0-switched CO laser light has been reported in ZnGeP 2 bulk

single crystals of -1 cm size [29]. Also, a remarkable 49% external conversion

efficiency (80% internal conversion efficiency) was achieved for SIIG with pulsed C02
laser radiation of up to 1GW/cm 2 power density and 2ns pulse width [291. Since the

C02 laser is one of the most powerful sources of coherent radiation known to date, the

extension of its use to shorter wavelengths with high conversion efficiency is an

impotant accomplishment that should stimulate more research in this field of applica-

tion. A critical impediment to the optimization of frequency mixing and harmonic gene-

ration in cp materials is the residual absorption within their transparency ranges which

reduces the conversion efficiency and contributes to the laser damage threshold

affecting thus critically the reliability of the non-linear optical components. It is due to

both impurities and native point defects requiring extraordinary care under the

conditions of bulk crystal growth to achieve the needed level of control of the purity

and stoichiometry of the compound. High pressure methods of crystal growth are help-

ful in this regard, but thus far is not capable of producing large crystals [301.
An additional problem of the growth of large bulk single crystals of congruently mel-

ting cp structure materials from the melt is cracking during cooling to room temperature

because of the disordering of thp rations at elevated temperature, due to the larger

entropy of the disordered zb phase. Fortunately the transition temperatures for the II-
IV-V2 and I-III-VI2 compounds represent large fractions of their melting temperatures

so that this problem is eliminated at the relatively low substrate temperatures employ-

ed in heteroepitaxial growth. Also, the lower processing temperature of heteroepitaxial

structures provides for better purity [31] and allows the growth of cp structure epilayers

for materials that melt incongruently. For example CdSnP 2 forms in a peritectic reac-

tion from tin and CdP 2 at 5850C and has been produced in the form of epitaxial films

on InP by liquid phase epitaxy from Sn solutions below the p-itectic temperature [32].

However, the habit of the nuclei of the epilayer in the form of platelets with slowest

growth on the (112) plane and substrate dissolution control make the growth of

homogeneous epilayers for optical applications by LPE very difficult, thus favoring

vapor phase deposition.

High quality epitaxial films of ZnGeAs 2 [33] and ZnGeP 2 [34,35] have been grown

by atmospheric pressure MOCVD on GaAs and GaP substrate wafers, respectively,

utilizing dimethylzinc, germane, phosphine and arsine as source materials. Figures 4
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2pm

Figure 4. XTEM image of a GaP/ZnGeP 2 /GaP double heterostructure. Courtesy of Dr.

G.-C. Xing. North Carolina State University [34].

shows a cross sectional transmission electron micioscopy (XTEM) image of a (001)-

GaP/ZnGeP2/GaP double heterostructure [341. Also, multiple heterostructures

GaP/ZnGeP 2 /GaP/ZnGeP2/... have been grown. The perfectly smooth interface mor-

phology of double and multiple heterostructure makes MOCVD suitable for the growth

of confined heterostrictires onmbining zb and cp structure materials and to utilize

double heterostructures of cp and zb materials for the guiding of light and carrier

confinement in conventional optoelectronic device structures. APBs have been ob-

served for ZnGeAs 2 epilayer on (001) GaAs substrates, but are not observed under the

conditions of OMVCD growth of ZnGeP 2 on GaP [36]. The reasons for this difference in

behavior is presently not understood, In-plane phase matched SHG with CO-laser

light should be possible for (111 )-GaP/(112)-ZnGeP2/(111 )-GaP double heterostructu-

res [35]. In view of the availability of large Ill-V and group IV substrate crystals of excel-

lent mechanical strength and perfection, heteroepitaxy could provide for substantially
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longer beam path than achievable with bulk crystal growth technology for cp structure

materials, i.e. -7.5 cm with currently available technology for the heteroepitaxiai
growth on III-V substrates. However a substantial development effort will be required to

generate films of uniform properties over a thickness of tens of micrometer which is
needed for SHG using infrared radiation in the 2 to 10 gim wavelength range.

Extended ranges of metastable solid solutions have been discovered recently in
the investigation of the OMCVD of ZnGeP2 on GaP where an excess of at least 15%

Ge can be incorporated into the lattice of the ZnGeP 2 at a substrate temperature of

5850C without any sign of precipitation [34,35]. This is in contrast to the behavior

ZnGeP 2 crystals grown from the melt where even a small excess of Ge is precipitated.
The excess Ge is incorporated into both the cation and anion sublattices, so that with

increasing Ge concentration the alloys gradually approach the diamond structure of

pure Ge. In contrast to melt-grown single crystals of ZnGeP 2 that have high resistivity,

the ZnGeP 2 :Ge alloys are low resistivity p-type. Recently epitaxial films of diluted pseu-

doternary alloys in the system Ge-ZnGeP 2 -ZnSiP 2 have been produced by OMCVD
[34,35] with net acceptor concentrations at much lower levels than encountered in the

ZnGeP 2 :Ge alloys. Therefore, these alloys are better suited for the fabrication of pn-

junction or Schottky barrier devices than the highly resistive ZnGeP 2 bulk crystals and

ZnSiP 2

(ZnSiP 2).88Ge 12

2.7eV

ZnSi.53Ge.47 P2

Si

ZnGeP 2

Figure 5. Composition tetrahedron ZnSiP 2 -ZnGeP 2 -Si-Ge showing the plane of

exactly lattice-matched compositions to silicon at 300K.
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the highly conductive ZnGeP 2 : Ge alloys. Since there may be a continuous range of

pseudoquaternary alloys in the system ZnSiP 2-ZnGeP 2-Si-Ge as illustrated in figure 5,

and II-IV-V 2 -rich alloys have been produced by us already in this system, it may beco-

me useful for the continuous grading from the diamond structure of pure silicon into the

cp structure maintaining exact lattice matching through the entire graded layer.
The heteroepitaxial growth of CuGaS 2 on GaP substrates by MOCVD has been

demonstrated utilizing triethylphosphine-cyclopentadienyl copper(I), triethylgallium
and diethylsulfide or hydrogensulfide as source materials [37]. Since both CuGaS 2

and AgGaS can be produced with p-type conductivity, up to 20 Qcm for CuGaS 2 and

much lower values for AgGaS 2, there exists an excellent chance to produce lightly
doped p-type CuGaS 2 -AgGaS 2 alloy epilayers on p+-GaP (or p+-Si) or p+-GaAs (or
p+-Ge) substrates. Preferred device structures employing these alloys would be

Schottky barriers for broad band uv detection and hetero-structures employing n÷-

ZnxCdl .xS or n+-ZnSySey front layers for near uv detection and blue light emission.
The lattice matching alloy compositions are ZnxCdl-xS/CuzAgl-zGaS 2/Si, ZnxCdl-xS/
CuzAgl-zGaS 2/GaP, ZnxCdl-xS/CuzAgl-zGa/Ge and ZnxCdl.xS/CuzAgl.zGa/Ge, re-

spectively. Unknown factors in the realization of such heterostructure devices are the

possible formation of APBs and the chemical stability of the I-III-VI/IV interface. For Ill-V
substrates, the formation of volatile group III subsulfides upon exposure to H2S could
be utilized as an efficient in-situ cleaning method [38). Because of the chemical

matching at the interface also the direct growth of p-CuxAgl-xGaS on n-ZnS substrates

represents an interesting option.
In summary, a variety of interesting applications for heteroepitaxial structures of

wide gap 1-I1-V12 and II-IV-V 2 semiconductors have been identified, e.g partially solar
blind uv detectors, blue light emitting diodes and possibly lasers as well as non-linear

optical applications of I-IIl-V12 and II-IV-V 2 , which require the growth of thick epitaxial
layers imposing stringent requirements on the conditions of heteroepitaxy. MOCVD

growth of ZnGeP 2 and CuGaS 2 as well as ZnSixGel-xP 2 alloys has been achieved
with encouraging surface and bulk properties. CuzAgl-zGaS 2 alloys lattice-matching
Si, Ge, GaP or GaAs substrates may have utility in the context of optoelectronic

devices operating in the blue wavelength regime. Since under the conditions of
MOCVD, metastable alloys of the II-IV-V 2 compounds and group IV elements are
realized, II-IV-V 2 alloys may also serve as interlayers in the integration of silicon and

germanium with exactly lattice-matched tetrahedrally coordinated compound semi-

conductors.
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ABS TRACT

A new method for the direct observation of two-dimensional gas flow
patterns in a CVD reactor has been developed by combining a laser scanning
technique with generating micron-sized TiOz particles. With this specially
developed technology, the size of generated TiO2 particles are quite uniform,
and of high density by the use of hydrolysis of Ti-alkoxide in the ceramic
honeycomb at the top inlet of the model chamber. In this system, vertical
cross sections of the gas flow patterns can be visualized by illuminated TiO2
particles in a He-Ne laser light sheet. Using this technique, detailed gas flow
patterns can be clearly identified in the reaction chamber. Changes in the g;s
flow patterns with the various growth conditions, such as gas flow rate and
pressure, have been measured. In this presentation, GaAs thin film growth by
the MOCVD method will be reported as an example.

This gas flow visualization method could be a useful tool to identify the
mechanism of CVD reactions to give better understanding about carrier gas
transport and thin film growth for wide band gap semiconductors such as
GaN, a-SiC, SiNx, etc.

INTRODUCTION

In the last decade, remarkable progress has been seen in thin film
deposition technologies over the wide varieties of materials in metals,
semiconductors and dielectrics. These growth technologies have made it
possible to synthesize electrical, optical and optoelectronic properties of
compound semiconductors by controlling atomic composition in the mixed
alloys 1,21 and also by controlling the epitaxial growth process even at the
monolayer level 13,4,51. With these growth technologies, e.g. metal organic
chemical vapor deposition (MOCVD), molecular beam epitaxy (MBE), plasma
assisted chemical vapor deposition (plasma CVD), etc., there exists a
possibility to develop a new type of multilayered functional device such as
three-dimensional integrated circuits (3DIC's), optoelectronics integrated
circuits (OEIC' s) and super lattice devices.

Among these, the growth mechanisms in the CVD processes are very
complex because they contain the mass transport phenomena with various
chemical reactions in the gas phase. Especially in the MOCVD process, the
epitaxially grown film quality, which directly affects thickness, composition
and impurity doping profile, is strongly dependent on gas flow dynamics in
the reactor because this process is operated at atmospheric or slightly reduced
pressure (-0. 1 atm) comiditions. Thus, a basic understanding of gas flow
patterns inside the reactor is a key issue to produce highly uniform epitaxial
thin films in a reproducible method on a large scale.

Recently, much attention has been given to the area of gas flow motions in
the vertical and horizontal MOCVD reactors through flow visualization studies

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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using laser light and through numerical simulation studies via a
supercomputer. In past studies of flow visualization, interference holography
of gas density variations 16,71 and scattering of a laser lieht sheet using
micron-sized T102 particles as a gas tracer 18,9, 101 have been attempted in the
reactor. Flow visualization by means of a laser light sheet is an excellent
method because of the ability to see cross sections of gas flow structures.
However, there still remains problems caused by the non-uniformity of the
TiO2 particles. This includes their size and smoke density based upon a very
active reaction of particle generation. We have paid particular attention to this
point, and started a series of systematic investigations on the production of
fine and uniform micron-sized TiO2 particles without disturbing the gas flow
in the reactor. In this paper, we will present a new flow visualization
technique and discuss the influence of recirculating vortexes over the GaAs
substrate in the MOCVD reactor chamber.

EXPERIMENTAL PROCEDURE

l.Epitaxial Growth of GaAs and AlAs

A vertical MOCVD reactor which we employed in our experiment is shown
in Fig. I. It consists of a vertical tapered quartz tube and a rf-heated susceptor
with diameters of 100mm and 80mm respectively. The graphite susceptor does
not rotate. The carrier and source gases are introduced into the reactor at the
top inlet through a stainless steel pipe with a diameter of 6.45mm.

Triethylgallium (TEG), trimethylaluminum (TMA) and 10% AsH, as the
source materials and H2 as a carrier gas are used for GaAs/AlAs heteroepitaxy.
A 2-inch GaAs substrate was used to measure the distribution of the film
thickness as observed in SEM cross-sections. The epitaxial growth was
performed at a susceptor temperature of 670"C, with two different reactor
pressures and total flow rate conditions. One is maintained at 1OTorr and IsIm
(standard liter per minute), the other, at 10OTorr and 3slm respectively.

Total mass flow rate
1SIre

Fig.1 A schematic diagram of
the vertical MOCVD reactor. The
source materials and carrier gas

Gas inlet are introduced into the reactor at
the top inlet through a stainless

Quarts u• 1steel pipe.

chamber •10m

Graphite 0 r
suscepter
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Fig.2 shows the distribution profiles of GaAs epitaxial film thickness
under the two growth conditions. In the latter condition, that is 10OTorr and
3sim, we obtained a thickness uniformity of ±5% distribution even without
rotating the susceptor and produced a good surface morphology. However, the
former condition showed a peculiar distribution profile whose shape was like
the letter "W" over the 2-inch substrate. In addition, the morphology was very
poor especially at the thick distributd film area. But this "W" shape indicates
that the gas flows axisymmetrically over the substrate in the reactor chamber.

t1.0

Growth temp. 670"C

Growth pressure : 20Torr
Total flow rate :1 slr

+1 +1 Fig.2 Distribution profiles of
05GaAs epitaxial film thickness overSa 2-inch GaAs substrate under

two growth conditions.
-- Growth pressure :100Tort

Total flow rate: 3sim
Gr/Re' =5X10'

Center

0 -20 -10 0 to 20

Distance (tnm)

2.Flow Visualization

In the MOCVD process, the gas flow behavior is governed by H2 carrier
gas because the concentration of the source materials is very small. The
typical dimensionless numbers whose magnitude determine the fluid
characteristics are shown in Table I. In this MOCVD process, when we take a
characteristic length at the gas inlet of the reactor, the Reynolds (Re) number
is very small (=50). The flows are laminar. Moreover, the Mach (Ma) number
and the Knudsen (Kn) number are also very small. Thus we treat the flows as
an incompressible and viscous fluid. The ratio of the buoyancy force, which
is generated by a temperature difference between the susceptor and the
introduced gas, to the inertial force of jet gas (Grashof number (Gr) / Re') is
very small in this case. The fluid is considered as a forced convection flow.

Fig.3 shows an experimental apparatus for flow visualization studies.
This apparatus consists of a model chamber, a system for generating TiO2
smoke particles and a He-Ne laser. To examine the detailed gas flow patterns
over the susceptor, we constructed a rectangular model chamber twice as large
as the genuine MOCVD reactor. It is made of acrylic plates. The flow
visualization studies applied the similarity law and were performed under
atmospheric pressure by adjusting to the value of the Reynolds number. The
operating conditions in the flow visualization are shown in Table II. The gas
velocity at the inlet part of the reactor was 20m/sec in the growing conditions
(pressure: 20Torr, gas flow rate of H2 : lslm ). However corresponding to the
Reynolds number under atmospheric pressure by the use of N2 carrier gas in
place of 1-12, the gas velocity will become extremely slow (about 50mm/sec) in
the flow visualization model chamber.
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TABLE I. Typical dimensionless
numbers and fluid characteristics in the
growth conditions at 20Torr and lslm.

ISim p :Gas density
Dimensionless number 20Torr670C Critical value Condition u :Gas velocity

ud d :Characteristic length

5 0 2 0 0 0 Laminar flow u Coefficient of viscosity
,U A :Mean free path

A C :Velocity of sound wave
K n 7 X 1 0 < 0. I t Viscous flow g :Gravitational acceleration

d 6 :Thermal expansion coefficient
A T JTemperature difference

M = u 1 1 5 X 2 0 < 1 Incompressible Re Reynolds number
c Kn :Knudsen number

M :Mach number
g r •a d IT Forced Gr :Grashot number

U 0 <u t convection G p2- g -/3. d
3
. AT

___________________Gr= 2

In addition, we can estimate the susceptor temperature in the model
chamber which is related to the temperature difference between the susceptor
and the inlet gas (A TIC) by fixing the value of Gr/Re2 . As a result, it
became very small (less than 0.01VC). Hence, the susceptor must be kept at
room temperature.

Hydrolysis of Ti-alkoxide H 20

Bypath Ti(O 1 TiCI 4+ EtOH -. Ti(OEt) 4--TiO 2

EtO H .•Ceramic honeycomb

He-Ne Laser 50mW

EOH TiCI 4  Convex lens

Needle valve . Cylindrical lens
""Susceptor

=7 Flow meter jCaer

"• '• Fan

Fig.3 A schematic diagram of the experimental apparatus used for
flow visualization. The micron-sized TiO2 particles are generated
without disturbing the gas flow patterns.
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A special feature of this flow visualization apparatus exists in the process
of generating micron-sized TiO2 particles which are highly uniform in size and
smoke density. That is, N2 carrier gas containing ethyl alcohol vapor comes
into contact with TiCh4 just on the surface of the TiCI4 liquid. TiCI, will
change into Ti-alkoxide (Ti(OCH2CH3)4), which is a colorless and clear gas,
through a reaction with ethyl alcohol. Then the carrier gas with the Ti-
alkoxide is passed through an A1203-made ceramic honeycomb which is
mounted at the top inlet of the model chamber. The interior walls of the
ceramic honeycomb are extremely porous, so a large amount of water is
adsorbed. Ti-alkoxide gas will turn into micron-sized TiO2 particles through a
hydrolytic reaction with the adsorbed water. The TiO2 particles are generated
via a 2-step reaction of TiC14. Furthermore, the concentration of smoke can
be adjusted by a needle valve which is set up in the pathway between ethyl
alcohol and TiCh. Moreover, the ceramic honeycomb plays another important
role, that is rectifying the inlet gas flow direction by the use of rectifier grids.
In the flow visualization, a He-Ne laser light beam is spread out to the shape
of a sheet through a cylindrical lens and illuminate TiO2 particles in the gas
flow field. The gas flow patterns are recorded on films by a camera in front of
the model chamber.

TABLE 1I. Operating conditions

for flow visualization.

X2 Model chamber

.H,20TorrJ N2,760Torr

FRe 50
0 SLM 1 0.4

U M/s 20 0.05 Extremely slow

P Torr 20 760

Gr/Re2  2X10-4  AT=-

AT C 650 0.01 g

It is very difficult to visualize the gas flow at an extremely low velocity
because it can be easily influenced by the disturbance of external conditions.
For instance, when ethyl alcohol or TiCIl are bubbled by the carrier gas. we
will obtain pulsative flows by small changes in pressure. Utilizing the high
vapor pressure of ethyl alcohol, this problem has been avoided. If we do riot
use rectifier grids we will not be able to make the gas flow straight toward the
susceptor from the gas inlet which is 300mm away. In addition, if we
illuminated the particles with a tungsten lamp as a source of light instead of a
laser light, non-axisymmetric flows will occur instantly by increasing the
temperature at the model chamber's side wall. Our system has solved all of
these problems.

RESULTS AND DISCUSSION

Adopting these new flow visualization techniques, TiO2 particles can be
generated in a smooth and thick fashion. As a result, we were able to observe
the vertical cross sections of detailed gas flow patterns on the susceptor
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precisely, clearly and continuously since these reactions were very stable.

(a) Impinging jet (b) Stable flow

(c) Diffusion (d) Lack of hydrolytic reaction

Fig.4 The photographs of the flow visualization.

The photographs of the flow visualization are shown in Fig.4. From these
photographs, we could see that the introduced gas from the top inlet of the
reactor was a jet. The width of the jet was not well developed between the top
inlet and the susceptor. The moment the initial introduced jet gas impinged on
the substrate and created vortexes was captured in (Fig.4-a). This was
because the gas around the jet was quiescent at the first stage in the model
chamber. These vortexes reached the reactor's side wall and disappeared.
Then the flow induced by the jet is axisymmetric near the substrate and
becomes stable (Fig.4-b). After approximately 30 minutes, the diffusion of
gas in the reactor was also observed (Fig. 4-c). Fig.4-c shows that the
environmentak gas is also moving and generating vortexes. The shortage of
adsorbed water in the ceramic honeycomb could not show a hydrolytic reaction
inside the flux of the jet gas. Consequently T1O2 particles could not be
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generated with high density (Fig.4-d). This happened when the TiO2 particles
had become attached to the interior walls of the ceramic honeycomb.

The gas flow states in Fig.4-b have been investigated in more detail. It
has been shown that the injected gas, which impinges the substrate
perpendicularly, flows radially outward along the substrate surface, sep:ýrates
and then forms recirculating cells under the susceptor edge. The cells then
move onto the substrate and stop. It seems that the cells are balanced with the
momentum of the flux. Fig. 4-b does not show vortexes but the vortexes are
always located between the jet and where the flow separated (see Fig4-c).

Fig.5 shows the recirculating cells which rotate clockwise and
counterclockwise on the right and the left respectively. The main stream can
be separated from the substrate by the existence of the recirculating cells.
When we increase the gas flow rate, the gas flow velocity will increase as
well. This causes the cells to move outward to another position where the
momentum is balanced on the substrate. These phenomena are very
interesting. The reasons why these phenomena exist are thought to be caused
by the interaction between the following effects. (1) The shape of the
susceptor edge. (2) The distance between the susceptor and the reactor's side
w'il. (3) The total gas flow rate (i.e.the velocity of the jet gas).

S. Jet

Separation

Recirculation

ounterclockwise clockwise
Susceptor

Fig.5 The recirculating cells and the flow separations on the substrate.

The result of the film thickness distribution profile at the conditions of
20 Torr and IsIm and that of flow visualization under atmospheric pressure
being adjusted to the Reynolds number are compared. The result is shown in
Fig.6. The position where the film is thick correspnds to the flow separation
point. The presence of the vortexes on the substrate strongly affects the film
quality. When the material species are entered into the recirculating cells once,
they will not be able to get out except by diffusion. Thus fresh gas supply
cannot be sufficient to the substrate surface under the recirculating cells. It
decreases the partial pressure of AsHi and as a result, the epitaxial growth is
not well done.

The Reynolds number is independent of reactor pressure when the gas
flow rate is fixed, because the gas velocity changes at an inverse proportional
rate to those of the reactor pressure. On the other hand the gas density is
directly proportional to the pressure (Re- P u ). Further, increasing the
total gas flow rate implies increasing the Reynolds number. Fig.7 sho%% s the
photographs taken when total gas flow rates are increased. As total gas flow
rates are increased, the cells are moved outward.
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Fig.6 The distribution
of the epitaxial film
(IOTorr, I slr) and the
gas flow pattern. The
position where the film
is thick corresponds to
that of the flow

-f 0.8 separation point.

0.6

2-inceh waf•er

-30-20 -10 0 10 20'30
Distance (in)

(a) Total gas flow rate= 0.6 /mrin.

(c) Total gas flow rate= 1.9 I/min. (d) Total gas flow rate• 2.5 I/min.

Fig. 7 Flow visualization photographs when total gas flow
rates are increased. As total gas flow tares are increased, the
cells are moved outwatd.
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The gas flow pattern of the epitaxial growth conditions which are 100
Torr and 3 slm is visualized in Fig. 8. The position of the recirculating cciIs
are moved to the substrate edge and good epitaxial growth is achieved %%ith a
good uniform film thickness. According to these results, three times the total
gas flow rate will be necessary to move the recirculating cells outside of the
2-inch substrate.

0.6

2-inch wafer
- 0 .2. ..

-30 -20 -10 0 10 20 30
Distance (Mi)

Fig.8 The distribution profile of the epitaxial film (10OTorr,
3sire) and the gas flow pattern. The position of the recirculating
cells is moved to the substrate edge. As a result, the film thickness
uniformity was ±5% distribution.

Fig.9 summarizes the relationship between the total flow rates (= th,e
Reynolds number) and the distance of the two recirculating cells (= the gas
separations) in the flow visualization model chamber. The position of the cells
is in proportion to the total gas flow rates. Thus the gas flow behai or is
strongly influenced b, the total gas flow rates.

------- ------ --- - ,Z
150 .Susceptor's drameter

Optlimum area Fig.9 Relationship between the total
E flow rates(=Re number) and the
_• distance of the two recirculating cells.

The position .of the cells is in
-- o0 // / / ,proportion to the total gas flow rates.

"o Substralees diameter

d=12m

50

0 50 100 150 200

Re Number
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CONCLUSION

A new flow visualization method has been developed and applied to study
gas flow patterns in a MOCVD vertical reactor. Employing this method, the
vertical cross sections of detailed gas flow patterns on the susceptor can be
observed precisely, clearly and furthermore continuously without ,.i, turbing
the genuine gas stream. In this study, we found a good agreement betLween the
film thickness distributions and the gas flow patterns. The gas flow
separations which are caused by the recirculating cells are moved by changing
the total gas flow rates. The existence of these separations and cells prevent
fresh gas being supplied to the substrate and consequently epitaxial growth is
not well done. Thus, the total gas flow rates severely affect the gas flow
patterns.

This flow visualization technique is of wide application to the CVD
process in the region of being governed by viscous fluid. It might be a useful
tool to identify the mechanism of CVD reactions to give better understanding
about carrier gas transport and thin film growth for wide band gap
sem iconductors.
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ELECI'RONIC TRA NSITION-RFIl .ATFII) OPII'ICAI ABSORIYIHON
IN VANADIA FILMS
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ABSTRACT

Vanadium pentoxide (vanadia) is a wide band gap semiconductor. Its layered
orthorhombic structure consists of alternating sublayers of V+O atoms and 0 atoms (vanadyl
0) alone aligned perpendicular to the b-axis. This unique structure makes vanadia a useful
host for alkali atom intercalation for electrochromic applications, and therefore, an
understanding of its optical properties is important. Here, we study the optical absorption
characteristics of vanadia in the incident photon energy range E=2.5-6.0 eV (X=490-200
nim). The material is in the form of 0.llim thick films sputter deposited in Ne/0 2 discharges.
Two types of films were studied: single-oriented films with the b-axis perpendicular to the
substrate, and amorphous films with an oxygen deficiency. The optical absorption
coefficient, a(E), was determined and interpreted in terms of the structure of the V 3d
conduction band. Amorphous, O-deficient vanadia were examined for room temperature
aging and were found to oxidize and increase in transmittance in the photon energy range
studied.

INTRODUCTION

Vanadia, V20 5 , is a wide band gap semiconductor at room temperature. It crystallizes
in the orthorhombic crystal structure with bulk parameters a=l 1.519 A, b--4.373 A, and
c=3.564 A [1-61. The crystal structure is shown in Fig. la [71. Perpendicular to the b
crystal axis, i.e., in the [010) plane, vanadia has a layered structure consisting of alternating
rows of V+O atoms and 0 atoms alone. In vanadia, a central V atom is bonded to six 0
atoms in a distorted octahedral symmetry. Four 0 atoms are coplanar, a fifth 0 lies 1.59 A
above the central V atom and is referred to as the vanadyl 0, and a sixth 0 atom lies 2.78 A
below the central V. Figure lb shows the local atomic arrangement. Bonding perpendicular
to the layer is weak because of the large seperation between a central V atom and the vanadyl
0 of an adjacent layer.

A)

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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Fig. I: a) Perspective drawing of tile vanadia lattice, with
small circles indicating V and larger circles indicating 0
"[from Ref.7]. b) The local arrangement around a central V
atom in distorted octahedral coordination with six 0t•• Ov=vanadyl 0, Oc =chain 0, Oh=bridge 0]

0
Interest in the optical properties of vanadia originated as a result of a better

understanding of the catalytic process of hydrocarbon oxidation [7-11]. The oxygen
molecule dissociates at the surface of nonstoichiometric vanadia by trapping an oxygen atom
at a vacant vanadyl oxygen site. Optical-related studies showed presence of a broad infrared
band centered at about lg.tm, the intensity of which increased or decreased upon reduction or
oxidation of vanadia respectively [9,11]. The band was attributed to electronic transitions
within occupied V+4 3d band (i.e 3dl--->3dl).

The wide interlayer spacing allows intercalation of alkali atoms within the vandia
lattice, and that, in turn resulted in the interest in thin films of vanadia in solid state batteries
[12] and electrochromic devices for smart windows [13-161. Intercalation and
de-intercalation are associated with reduction and oxidation of the material, and hence the IR
band in thin film vanadia has repeatedly been investigated 113,16,18]. However, there have
been few studies of optical behavior at energy greater than the band gap, i.e. in the ultraviolet
spectral region, which is the subject of the present paper. Aita et al. [17-21] have been
studying the effect of various sputter deposition parameters on the vanadia films structural
and optical properties grown in Ar/O2 discharges.

We report here the optical properties of single (010) orientation vanadia and amorphous
vanadia films for incident photon energy, E=2.5-6.0 eV (wavelength ?.--490-200 nm). Films
are grown by radio frequency reactive sputter deposition in Ne/0 2 discharges. The effect of
using Ne/O 2 discharges on the films' structural properties is discussed in Ref. 27. Optical
absorption characteristics in the ultraviolet region are related to the structure of the vanadia
conduction band. The effect of room temperature aging of the amorphous films is discussed
in terms of film oxidation.

EXPERIMENT

Film Growth

A liquid N2-cold trapped, hot-oil diffusion pumped, rf-excited planar diode sputter
deposition system was used to grow the films. The target was a 12.7 cm-diaim, 99.7% V
disc bonded to a water-cooled cathode. The substrates were pyrex glass slides and fused
silica placed on a water-cooled Cu anode. The anode-cathole spacing was 5 cm.

The chamber was evacuated to 6.65 x 10-6 pa (5xl0-7 torr) before backfilling with
sputtering gas. The total gas pressure was measured with a capacitance manometer and kept
constant at 1.33 Pa (Ix10"2 torr). 99.999% pure Ne and 99.997% pure 02 were used.
Each component was introduced separately into the sputtering chamber. Ne:0 2 ratios were
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established using an MKS Baratron Series 260 control system. Model 259 flow truasdi:"ers,
and Model 248A solenoid control valves. With a shutter covering the substrates, a two-step
pre-sputter procedure was carried out in which the target was sputtered in Ne for 45 minutes,
and then for an additional 45 minutes in the Ne/O2 gas mixture used for the actual deposition,
after which the shutter was opened. Peak-to-peak cathode voltage, Vc, was -1.6 kV.
Specific deposition conditions are recorded in Table 1.

Ne gas was used as the sputtering rare gas instead of the commonly used Ar for several
reasons. A well-known characteristic of reactive sputter deposition from an elemental target
is that compound formation at the target surface above a critical reactive gas content, for
example oxygen content [21-221. In that 'mode' of the target, the flux of species sputtered
off the target and arriving at the substrate is almost totally in molecular form. It is also
known that metastable Ne (Nem= 16.62 and 16.71 eV) can Penning ionize ground state 02
molecules (ionization potential Ei =12.1 eV) whereas Ar metastables (Arm =11.55 and 11.72
eV) cannot 123-25]. The product of Penning ionization (Nem + 02 ----- > 02+ + NeO + le) is
a positively-charged oxygen species which is readily attracted to the negatively biased target,
enhancing target oxidation. The target surface no longer getters all oxygen from the plasma,
making it available for reaction with metal or suboxide species at the substrate. While that
property of Ne is unattractive for forming metal suboxides by reactive sputtering, it is very
convenient for forming high valence metal oxides. In addition, the low mass of Ne+ results
in a lower sputtering yield and hence lower deposition rate. The mobility of species at the
substarte is not only temperature dependent but also time dependent. For both of these
reasons, crystalline growth is in general enhanced (disordered or amorphous growth is
minimized) when Ne rather than Ar is used as the rare gas component of the discharge,
aiding at the formation of highly orientated uniepitaxial films (i.e. polycrystalline with sharp
fiber texture) [26-27].

Film Characterization

Film thickness was determined using a Tencor Alpha Step Model 200 profilometer to
measure the height of a step produced by masking a region of the substrate during
deposition. Growth rate was determined by dividing thickness by deposition time.

Crystallography was determined by double-angle x-ray diffraction (XRD) using Cu Kot
radiation (X, = 1.5418 A) for films grown on glass slides. Peak position (20), intensity, and
full width at one-half of the maximum intensity (FWHM) were measured. The diffractometer
was calibrated using the 101.1) diffraction peak of a quartz standard at 20=26.66+0.020

whose width is 0.250. The interplanar spacing, d(hkll was calculated using the Bragg
equation for nth order diffraction: djhkl =nVi2sin6.

A Perkin-Elmer Model 330 UV-Visible-Near IR double beam spectrophotometer with a
specular reflection attachment was used to measure the transmittance and reflection of near
normal incidence radiation in the 2(X)-650 nm range for films on fused silica. Measurements
were performed immediately after deposition and then again after a period of nine months. In
the transmittance regime, a bare fused silica substrate was placed in the path of the reference
beam so that the recorded transmittance is due to the transmission through the film alone.
Reflectance measurements were made relative to an Al mirror. No sample was placed in the
reference beam path. In the energy region studied here, which is near and above the band
gap, the film is highly absorbing so that reflection of the incident beam at the film-substrate
interface is minimized, thus allowing the use of Eq. (I) for absorption coefficient calculations
1281:

T=j(I -R) 2 exp(-ax)l/I I -R2exp(-2ax)l. (I)

T is transmittance, R is reflectance, x is film thickness, and a is the absorption coefficient
calculated as a function of wavelength.
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RESULTS

Film thickness, growth rate, and x-ray diffraction results are given in Table I. Films
that showed no x-ray diffraction peaks were green in color and are referred to here as
amorphous vanadia. Crystalline films showed two x-ray diffraction peaks attributed to first
and second order diffraction of (010) planes of orthorhombic vanadia.
Table I: Film designation, sputtering gas 02 content (%02), film thickness (T), growth rate

(G), crystal structure (CS), and interlayer spacing (B).

Film %02 T (A) G(A •min) CS B(A)

A 2 1300 11 Amorphous

B 4 840 14 Amorphous

C 10 890 7 (010) ortho- 4.405
rhombic

D 25 1300 11 (010) ortho- 4.398
rhombic

Figure 2 shows the absorption coefficient calculated using Eq. 1 as a function of
incident photon energy for Films A, C, and D. The transmittance through as-deposited
amorphous Films A and B is compared to that after a period of nine months of aging to test
for film stability. The results are shown in Fig. 3.

106

los

105

104

2.00 2.50 3.00 3.50 4.00 4.50 5.00 5.50 6.00 6,50

hv, eV

Fig. 2: Absorption coefficient as a function of incident photon energy for crystalline
vanadia Film C (+) and Film D (x) and amorphous vanadia Film A (0).
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Fig.3: Transmittance through Film A (+), and Film B (n) in as deposited state. In the
aged state, Films A and B are designated by ( x ) and (*) respectively.

DISCUSSION

Vanadia films grown in discharges of 02 content greater than 4% and at cathode
voltage of 1.6kV had a solely <010> orientation, i.e the films are uniepitaxial, with the b
axis lying perpendicular to the substrate. The interlayer spacing was always greater than the
bulk value (4.373A). No long range order was detected in films grown in 02 content less
than 4%. It was previously reported that the critical 02 content needed to produce crystalline
vanadia in Ne/0 2 discharges decreased with increasing cathode voltage [271, and is less than
the critical 02 content found in Ar/0 2 discharges at 1.6 kV, consistent with the previous
discussion of Penning ionization of 02.

A comparison of the absorption behavior of crystalline vanadia Films C and D and
amorphous vanadia Film A in Fig. 2 reveals two main differences:

1) an absorption band with an onset at 2.5 eV and centered at 3.2 eV present only in
crystalline vanadia, followed by another broader band, the onset of which is at 3.8 eV.

2) a shift in the absorption edge for hv > 2.8 eV toward higher energy in amorphous
vanadia.

The structure of the optical absorption curve of crystalline vanadia can be explained as
follows. The valance band in vanadia has an 0 2p nature. The conduction band consists of
two split-off V 3d bands, a feature characteristic of the symmetry of crystalline vanadia. The
lower V 3d band was first calculated by Bullet to be 0.4 eV wide, and separated by 0.3 eV
from the upper and broader V 3d band [291. The onset of absorption at 2.5 eV is therefore
attributed to electronic transitions from the 0 2p to the lower V 3d band. The broader, higher
energy band whose onset is 3.8 eV, is attributed to transitions from the 0 2p to the upper V
3d band. The first spectroscopic measurements on single crystal V2 0 5 to reveal such a band
structure was performed by Mokerov et al. [301. In the real part, n, and imaginary part, k, of
the complex refractive index, a band with a maximum at 2.5 eV and 0.4 eV wide, followed
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by a stronger band centered at 2.92 eV for polarized light with E 11 a, and at 3.15 eV for E 11
c was reported.

The split-off V 3d bands lose resolution in as-deposited amorphous vanadia films,
accompanied by a shift in the absorption edge to higher energy. The latter effect has
previously been observed to oecur in nanoerystalline vanadia thin films after Li+ intercalation
to produce V+4 sites [161, consistent with the substoichiometric nature of the amorphous
films. Crystalline films do not age at room temperature, whereas amorphous films do. We
attribute this aging to oxidation which annhilates V+4 defects. A similar result was
previously reported for substoichiomeuric vanadia on sapphire [ 17]1.
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ABSTRACT

Reactive sputter deposition is a ,videly-used process for growing films of high melting
point materials near room temperature and desirable metastable structures not attainable in
material grown under conditions of thermodynamic equilibrium. Both categories include wide
band-gap metal oxides. A first step towards reproducible growth is to develop a "phase map"
for the metal-oxygen system of interest. The map graphically relates independent sputter
deposition process parameters, the growth environment, and the metallurgical phase(s) formed
in the film. This paper shows how phase maps are constructed and used to observe general
trends in oxide phase formation sequence, with examples from the Nb-O, Y-O, and Zr-O
systems.

INTRODUCTION

In this study, metal oxide films were grown on unheated substrates by sputtering a metal
target in radio frequency (rf)-excited rare gas-O2 discharges. Optical emission spectrometry
was used for in situ sputtering discharge diagnostics. Characterization for metallurgical phase
identification included x-ray diffraction, infrared absorption, Rutherford backscattering, optical
spectrophotometry, and electrical resistivity measurements. From these data, a "phase map"
was constructed, interrelating independent process parameters, the growth environment, and
metallurgical phases present in the films.

Sputter deposition is governed by kinetics. The process parameters onto which phase
regions and growth environment characteristics are mapped are not analogous to the thermo-
dynamic variables used to describe overlayers [11. The scientific motivation for constructing a
phase map is to understand the phase formation sequence in terms of a changing growth
environment - a first step towards modeling metal oxide growth by reactive sputter deposition.
An important technological outcome is that another investigator, using the information about
the equivalence of process parameters shown on the phase map, can make eaucated decisions
when designing an experiment to obtain specific film properties, even when no means of in situ
discharge diagnostics is available.

Sputter deposition is a low pressure, glow discharge process carried out in a set-up
shown in Fig. 1 [2]. The high negative cathode potential drops to ground across the Crookes
dark space. The potential rises in the plasma to a small positive value. The anode surface
floats at a small negative potential. Positive ions from the plasma accelerate across the
Crookes dark space and strike the target surface. Material is ejected (sputtered) by momentum
transfer. Most of the ejected target species are uncharged, move randomly between the
electrodes, become thermalized, and condense on any surface in their path. i.e. the substrate.
A metal oxide film is grown here by sputtering a metal target in a rare gas-O2 discharge. For a
fixed machine geometry, independent process parameters include total gas pressure, nominal
sputtering gas 02 content, rare gas type, and cathode voltage. Combinations of these
parameters determine deposition rate, rf power, and substrate surface temperature.

A continuous oxide layer forms at the target surface once the nominal gas 02 content
exceeds a critical value, 02*. For 02 > 02*, the target material effectively being bombarded is
an oxide. 02* strongly depends on cathode voltage and rare gas type, For a given rare gas

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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type and cathode voltage, there is another important value of gas 02 content, 02**, at which
oxygen species first appear in the plasma and are available for reaction at the substrate. At
02**, the target surface is no longer able to getter all oxygen from the plasma. Metal oxide
molecules can be sputtered intact from the target surface. However, the sputtering process can
also dissociate the target surface oxide. Therefore, for any set of process parameters, the
sputtered flux can consist of both metal atoms and metal oxide molecules. Three questions
will be addressed below: 1) what phases are present in the films; 2) what is the nature of the
sputtered flux as a function of process parameter; 3) how is the phase formation sequence
affected by the nature of the sputtered flux and the availability of oxygen?

EXPERIMENTAL

Films were grown in an rf diode apparatus operated at 13.56 Mhz by sputtering a 13-cm
diam, metal (M=Nb,Y,Zr) target bonded to a water-cooled Cu cathode 13-10]. Suprasil fused
silica, <1 1>-cut Si, and carbon foil substrates were placed on a water-cooled M-coated Cu
pallet covering the anode. The anode-cathode spacing was 6 cm. The sputtering gas, 02
(99.99%) and a rare gas, Ne (99.996%), Ar (90.999%), or Kr (99.9995%) was at a total
pressure of 0.01 Torr. Cathode voltage, sputtering gas 02 content, and rare gas type were
varied.

Optical emission spectrometry was used for in situ discharge diagnostics [11].
Radiation of wavelength X emitted between the anode and cathode was sampled through an
optical window, as shown in Fig. 1. The optical emission intensity, 1(X), of radiative
electronic transitions of excited neutral metal atoms to ground state L121 were monitored at the
following wavelengths: for Nb, X= 4059, 4101, 5079, and 5344 A; for Y, ?.=3621, 4128,
4143, 4236, 6191, and 6793A; for Zr, X=3520, 3548, and 3601 A. Applying the condition
of an optically thin plasma in local thermal equilibrium, I(X) is proportional to the number of
ground state M atoms in the discharge 1131. In addition, emission from excited neutral 0
atoms was monitored, at )L=5331, 6157, 7772-5 A [14,151. For a given rare gas type and
cathode voltage, these data were used to directly determine: 1) the gas 02 content at which a
continuous oxide layer formed at the target surface, i.e. 02* [1(X) from M atoms disappears or
sharply deceases], and 2) the inability of the oxidized target surface to getter all oxygen from
the plasma, i.e. 02** 11(X) from 0 atoms appears].

Furthermore, assuming unity sticking coefficient, the fractional flux of M atoms, f(M),
and M-oxide molecules, f(M-oxide), incident on the substrate during deposition were
calculated from the following equations 131:

f(M)=(Rel.I(L)/fG'p(M-oxide)s/p(M)s] 1 (1)

f(M-oxide) 1 -[ Rel.l(k)/IG'p(M-oxide)s/p(M)s5 ), (2)

where f(M)+f(M-oxide)=l. G is growth rate relative to its value in a pure rare gas discharge
operated at the same cathode voltage, and p(M-oxide)s/p(M)s is the bulk atomic density of the
condensed M-oxide phase relative the density of the pure metal phase. The exact form of the
gas phase M-oxide(s) species is unknown, but mass spectrometry data 121 show that for many
oxide systems, the prevalent form is the metal monoxide, MO.
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Post-deposition, film thickness was measured with a profilometer from a step produced
by masking part of the substrate during deposition. Growth rate was determined by dividing
thickness by length of deposition. Crystallography was determined by double-angle x-ray
diffraction (XRD). Rutherford backscattering spectrometry (RBS) was used to measure the
M:O atomic concentration. Fast-fourier transform infrared spectrometry was used to determine
optical absorption due to lattice vibrations, yielding data about short range M-O atomic order.
Resistivity was measured with a four point probe. Optical transmission and reflection were
measured by double-beam spectrophotometry as a function of incident photon wavelength.
The refractive index and the optical absorption coefficient was determined from these
measurements. The optical absorption edge structure is related to the joint density of electronic
states near the valence and conduction band edges, which is sensitive to structural and chemical
disorder.

PHASE MAPS

To construct a phase map, first, metallurgical phase boundaries are graphed onto process
parameter space. The process parameter-phase diagram is then overlayed with values of the
growth environment parameters which are: 1) the fractional M or M-oxide flux to the
substrate, 2) formation of a continuous target surface oxide layer, i.e. at 02* , and 3) the
appearance of oxygen in the plasma available for reaction at the substrate, either with M metal
or with a suboxide, i.e. at 02**.

Figures 2-4 show the phases present in Nb-O, Y-O, and Zr-O films graphed onto
process parameter space. These figures were developed on the basis of XRD, RBS, IR and
optical spectrometry, and electrical measurements. See Refs. 3-10 for specific values of film
properties. Values of f(M) and f(M-oxide) calculated from Eqs.(l-2), as well as the position of
02* and 02** are shown on Figs 2-4.

The phase formation sequence in the stable, bulk, room temperature Nb-O system is as
follows: Nb (bcc)---)NbO (fcc, NaCl structure)--),Nb02 (tetragonal)---)Nb205.x with 0<_x_<0.2
(related forms collectively called "niobia", based on building blocks of the ReO3-type lattice)
[161. Figure 2 shows that bcc Nb, NbO, NbO 2 , and crystalline niobia phases are also formed
in sputter deposited films. Nb films have a strong preferred or sole [ 1101 orientation. Ar-0 2
discharges produce Nb+NbO and NbO+NbO 2 biphasic structures. Individual metal and/or
suboxide XRD peaks are not resolvable in films grown in Kr-0 2 discharges; these structures
are denoted "Nb-suboxide". Crystalline niobia forms only when a high cathode voltage,
Ne-50% 02 discharge is used. Throughout most of the niobia phase field, films have no long
range crystallographic order, and are called "a-niobia". All crystalline and a-niobia films are
transparent and insulating 13,41. In addition, an amorphous, semitransparent phase,
"x-niobia", with a finite resistivity but with an IR absorption spectrum that has a strong
a-niobia component, is sometimes formed at the Nb-suboxide/a-niobia phase boundary.

The growth environment and Nb-O phase formation are related as follows:
1) a- and crystalline niobia are formed when f(Nb-oxide) is large (often unity) and the

target surface is oxidized, thereby unable to getter all oxygen from the discharge, making it
available for reaction at the substrate.

2) Nb, Nb-suboxides, and biphasic structures are formed when f(Nb) is large and the
target surface is not fully oxidized, thereby able to getter oxygen from the discharge, making it
unavailable for reaction at the substrate. Phase separation, the type of growth expected under
theromdynamic equilibrium conditions occurs in Ar-02 and is absent in Kr-0 2 discharges.
f(Nb) is larger when Kr rather than Ar is used. To form a well-ordered suboxide phase (NbO
or NbO2 ), these free Nb atoms must react with oxygen before their surface mobility is
quenched by the subsequent arriving flux. There is always an overpressure of neutral rare gas
atoms on the substrate, characteristic of the sputter deposition environment. Kr, with an
atomic diameter of 2.06 A, compared to Ar, with a diameter of 1.76 A, is more effective at
blocking the diffusion of a Nb or oxygen species along the substrate. In other words, more
Nb atoms must react at the substrate and more severe limitations on their surface mobility
make it more difficult for these atoms to find a reaction partner when Kr, rather than Ar is
used. The deposition rate in Kr-0 2 and Ar-0 2 is approximately the same for a given set of
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process parameters 141, hence the rate of arriving flux capable of quenching a reaction, is not a
factor.

3) x-niobia forms when f(Nb-oxide) is large, the target surface is oxidized, but no
oxygen is available for reaction at the substrate. As in the case of ZrO discussed below, this
initially-formed target surface oxide (for example, NbO) may getter oxygen from the discharge.
The result is a deficit in the amount of oxygen required to complete oxidation at the substrate to
form a-niobia.

There are two stable STP phases of the bulk Y-0 system: hcp Y and Y20 3 with a bcc
bixbyite structure (c-ytt-ia) [171. Figure 3 shows that only these two phases are present in
films sputter deposited in Ar-O2 discharges, with c-yttria having a sole (I l I orientation over
much of the yttria phase field. Two additional phases with no long range crystallographic
order detectable by XRD form in films grown in Ne-O 2 discharges: metallic a-Y and insulating
a-yttria. The IR absorption spectrum of a-yttria 1101 is the same as that of bulk c-yttria
(18,19], indicating that the average Y-O short range order is the same.

The growth environment and Y-0 phase formation are related as follows:
1) Y films are grown from a high Y flux and a target whose surface does not have a

continuous oxide layer.
2) Yttria films are grown from an oxidized target surface. However, in contrast to the

Nb-O system, it can be seen from Fig. 3a that an oxidized target surface is associated with a
large Y, as well as a large Y-oxide flux. Although both conditions produce c-yttria, important

Fig. 2:
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differences occur in the shape of the fundamental optical absorption edge 18-101. A large
Y-oxide flux results in c-yttria whose optical absorption edge consists of two direct interband
transitions (at 5.07 and 5.73 eV) in agreement with bulk single crystal data 1211 and a recent
theoretical calculation [221. A large atomic Y flux results in c-yttria with a "disordered" optical
absorption edge, i.e. the two direct transitions cannot be resolved. We proposed 1101 that this
optical disorder arises from a disorder in the placement of Y at its two nonequivalent positions
within the yttria unit cell (171.

3) A Y target sputtered in Ne-Žt2% 02 discharges has a completely oxidized surface.
However, dissociation of the sputtered Y-oxide molecule in the plasma volume results in a
large Y flux to the substrate [81. However, local thermal equilibrium does not hold, and so
Eqs. (1-2) cannot be used to calculate f(Y). Films grown in Ne-02 discharges are c-yttria with
a disordered fundamental optical absorption edge or a-yttria.

There are two stable STP phases of the bulk Zr-O system: hcp Zr and monoclinic (mn-)
ZrO2 [23]. Fig. 4 shows that in general, the following phase sequence occurs in sputter
deposited films: hcp Zr-* ZrO-4a-ZrO2---rm+I-ZrO2--*m-ZrO2. Zirconia (ZrO2) takes three
forms: 1) monoclinic (m-) zirconia with a single { 11T) orientation parallel to the substrate
plane, 2) a mixture of rn-zirconia and tetragonal (I-) zirconia, a high temperature polymorph,
and 3) a-zirconia with no long range order detectable by XRD. m- and 1-zirconia coexist in
bulk material when the crystallite diameter is small, a consequence of the dominance of the
surface energy contribution to the Gibbs free energy of formation. The critical diameter below
which ,-zirconia is stabilized in the films is -130 A J6,71, in good agreement with bulk
nanocrystalline zirconia.

Growth environment data was taken only for - 1.9 kV discharges. That data show that
f(Zr-oxide) is large for gas 02 content >Ž 2% for all rare gas types and cathode voltage. Unlike
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yttria formation in the Y-0 system, a high Zr-oxide flux to the substrate is not only associated
with zirconia formation, but with ZrO and Zr doped with 0 as well. Furthermore, similar to
the Nb-O system, 02* and 02** are not always coincident. We proposed rS] that the first
oxide to be formed at the target, and sputtered intact, is ZrO (at 02*). Not until Zr02 is formed
at the target surface and the target no longer getters all oxygen from the plasma 'at 02**) is
ZrO 2 formed in the film.

SUMMARY AND CONCLUSIONS

Phase maps for sputter deposited M-oxides (M=Nb, Y, Zr) in the growth regime of near
room temperature, low surface diffusion, and unity sticking coefficient are nresented above.
We conclude:

1) A high M-oxide fractional flux and oxygen in the plasma available for reaction at the
substrate results in high valency oxide growth Iniobia, yttria, zirconial.

2) A high M fractional flux and oxygen in the plasma available for reaction at the
substrate also produces a high valency oxide, but with possible subtle structural disorder,
evidenced by disorder in the joint density of electronic states near the valence and conduction
band edges [yttria].

3) A high M-oxide fractional flux but no oxygen in the plasma available for reaction at
the substrate results in oxygen-doped metal IZr(O)I and suboxide Ix-niobi7. ZrO growth.

4) A low M-oxide fractional flux and no oxygen in the plasma available for reaction at
the substrate results in oxygen-doped metal and suboxide 1NbO, NbO2 , Nb-suboxidel growth.
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CHEMICAL VAPOR DEPOSITION OF HIGHLY
TRANSPARENT AND CONDUCTIVE BORON DOPED ZINC OXIDE THIlN FILMS

JIANHUA HU AND ROY G. GORDON
Department of Chemistry, Harvard University, Cambridge, MA 02138

ABSTRACT

Boron doped zinc oxide films have been successfully deposited from a gas mixture of 0.05%•
diethyl zinc, 2.3% ethanol and various diborane concentrations in the temperature range 300'C to
4301)C in an atmospheric pressure chemical vapor deposition reactor. The dopant diborane was
found to decrease the film growth rate. The crystallite sizes of doped films were smaller than those
of undoped films. Hall coefficient and resistance measurements at room temperatures gave
conductivities between 250 and 17(X) Q-I, electron densities between 1 .4x 1(20 and 6.7 x 1020 cm-3 ,
and mobilities between 7 and 23 cm 2/V-s. Optical measurements showed that a film with a sheet
resistance of 8.8 (./square has an average visible absorption of about 8% and maximum infrared
reflectance close to 85%. The ratio of conductivity to absorption coefficient is between 0.05 I-
and 0.55 Q-1. The band gap of doped film was widened and followed the Burstein-Moss relation.

INTRODUCTION

Highly conductive and transparent zinc oxide films have recently been studied extensively
because of their potential applications in liquid crystal displays, energy-efficient windows and solar
cell technology 11-31. The most common transparent and conductive oxide films in use are indium
tin oxide and fluorine doped tin oxide films. The fabrication process of optoelectronic devices
such as amorphous silicon solar cells uses plasma-enhanced chemical vapor deposition to deposit
an a-Si:H film. In this deposition process, the oxide films must be exposed to a hydrogen plasma.
which will reduce the oxide to metals, resulting in a loss of transoarency in the visible region 141.
This degradation process occurs even at low temperature and low plasma power density 151. Zinc
oxide films, however, are more , able than indium tin oxide and fluorine doped tin oxide films in
the presence of a hydrogen plasma [51. Zinc is also cheaper than indium or tin. Therefore, it may
be advantageous to use .i.,hly conductive and transparent zinc oxide films rather than indium tin
oxide or fluorine doped tin oxide films in the mass production of low cost optoelectronic devices
such as photovoltaic cells.

Zinc oxide is an n-type semiconductor and has a band gap about 3.2 eV. Pure zinc oxide
film has high visible transmittance and also high resistivity. Although non-stoichiometric zinc
oxide films can be made to be both highly transparent and highly condu, iive, they are not very
stable at high temperatures. Doped zinc oxide films, on the other hand, can be made to have very
stable electrical and optical properties. Zinc oxide films doped with fluorine 16, 71, boron [8i,
aluminum 11,51, gallium 191 and indium 1101 have hign dc conductivity, high visible a.insmittance
and high infrared reflectance.

The deposition of zinc oxide films f'as been achieved by metalorganic chemical vapor
depositmin (MOCVD), rf magnetron sputtering, reactive sputtering, ion beam sputtering, and spray
pyrolysis. Metalorganic chemical vapor deposition is especially L.seful for large scale coatings at
high growth rates. The most commonly u: ed organctmetallic zinc precursors are diethyl zinc
(DEZ) 16, 111 and dimcthyl zirp. t)MZ) [7, 121. The oxid.tt can be pure oxygen, water. alcolaol
or even some oxygen-containing cyclic compound such as tetrahydrofuran. Since the reaction
between oxygen and diethyl zinc is fast and the upstream reaction in a flow reactor makes film
cover only very small areas, it is impractical to use pure oxygen to react with diethyl zinc t: deposit
zinc oxide films over large areas. The reaction :,c:ween diethyl zinc and alcohol depends on the
alcohol used and on the deposition temperature: good film coverage on the substrate can be
obtained by choosing different alcohols at different deposition temperatures.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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In this paper we report the deposition of boron doped zinc oxide films from diethyl zinc,
ethanol and diborane in an atmospheric pressure chemical vapor deposition reactor. Also
discussed is the influence of the dopant concentration and deposition temperature on the film
growth rate, structure, electrical and optical properties.

EXPERIMENTAL

Zinc oxide deposition was carried out in an atmospheric pressure laminar flow rectangular
nickel reactor which has been described previously [61. High purity helium was used as the carrier
"gas for both diethvl zinc and ethanol. The dopant was 2.2% diborane in high purity helium. Small
amounts of water in the ethanol were removed by distillation from magnesium turnings. The DEZ
btubbler temperature was maintained at 25'C and the DEZ vapor pressture at this temperature iý
about 16.1torr. Diborane was mixed with DEZ and this mixture was diluted by helium before
flowing into the reactor. The ethanol bubbler was kept in an oven at 50'C to obtain a high vapor
pressure of 214 torr. The total gas flow rate was 12.0 /mrin through a cross section of 0.6x 12.0
cm 2 . The reactoi was heated from the bottom by a hot plate and its temperature was determined by
thermocouples inserted in holes in the side of the reactor. The reactor nozzle was insulated from
the !;eated block bv a cold zone of width 3.5 cm and its temperature was maintained at abou: 150(C
lower than that of the central part of the reactor. This cold zone ensures the establishment of
laminar flow before the gas reaches the substrate. The soda lime glass substrates were cleaned
with a low sodium detergent and then rinsed with deionized water.

The film thickness was determined mainly with an Alpha-Step 20() profilometer and a
Metricon PC-2000 prism coupler. The sheet resistance R was measured with a Veeco FPP-100
Four Point Probe. Assuming that the film was homogeneous in the direction perpendicular to the
substrate plane. the film bulk resistivity p follows the simple relation p=Rt. where t is the film
thickness. To measture Hall coefficients, the film was covered by a Scotch tape 0.5 inch wide and
the remainder of the film was etched away by immersing the sample into 4 M hydrochloric acid.
The transverse voltage in the presence of a dc current was measured in a constant perpendicular
mnag-netic field by using a Varian V-23(0-A electric magnet, which was calibrated by a Gaussmeter
to have an intensity of 10.0 kG. The measurement was repeated after reversing the direction of
magnetic field. These two measurements usually gave voltages with very similar magnitudes and
opposite sign, indicating that the hysteresis effect was negligible. Zinc oxide crystallite sizes %ere
obtained with a JEOL JSM-640() scanning electron microscope.

The near normal infrared reflectance was measured with a Nicolet Model 7199 Fourier
"Transform spectrometer with a relative reflection attachment. A gold mirror with a knovn
reflectance was used as the reflectance standard in the wavelength range from 2.0 to 20 Pm I 131.
The near ultraviolet, visible and near infrared spectra were obtained with a Varian 2390
spectrophotometer using an integrating sphere detector which could measure both the total and
diffuse components of the reflectance and transmittance. The reflectance standard wvas a barium
sulphate plate and its reflectance was taken as 1(X).0% between 0.2 pmi and 2.2 pim.

RESULTS ANO DISCUSSION

Deposition of doped zinc oxide films was carried out at several temperatures with 0.055';
diethyl zinc. 2.3% ethanol and different dihorane concentratoins. The ethanol concentration of
2. 31 was found to give a maxiimum finl growth rate for a diethyl zinc concentration of (1.15 ;.
ThI film thickness was not uniform along the gas flow direction and there was a peak growth rate
on the substrate. The position of the peak growth rate varies with the dopant gas flow and the
deposition temperatture for constant diethyl zinc and ethanol concentrations. Fig. I shows that tie
peak growth rate decreases with the dopant concentration.

The film growth rate strongly depends on the deposition temperature. Fig. 2 shows that the
film peak growth rate first increases with deposition temperature and then becomes constant at
temperatures above 400'C. The constant peak growth rate at high temperature indicates that the pas
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phase reactions are fast and the growth rate is controlled by the diffusion of the film precursors to
the substrate.

The film morphology and crystallite sizes were determined by scanning electron microscopy
(SEM). Fig. 3 A shows the electron micrograph of an undoped zinc oxide sample deposited at
355°C. It has a thickness of 0.64 pm and is composed of disklike structures with disk diameters
between 200 nm and 80M nm. Fig. 3 B shows the corresponding electron micrograph of a doped
sample deposited by introducing 0.014% diborane into the gas phase. The doped film with a
thickness of 0.77 pm has crystallite sizes about 100 nm. The dopant reduces the crystallite sizes.

The crystallite sizes also depend on the temperature and the film thickness. The film
deposited at 375°C from 0.05% diethyl zinc, 2.3% ethanol and 0.014% diborane with a thickness
of 225 nm has crystallite sizes below !(X) nm. The film deposited with the same conditions but
with a thickness of 995 nm has crystallite sizes of about 150 nm. Increasing the deposition
temperature usually increases the crystallite sizes and changes the film morphology.

Boron is an n-type dopant for zinc oxide. A boron atom replaces a zinc atom in the crystallite
or occupies an interstitial position. The electron density calculated from the measured Hall
coefficient increases with dopant concentration. Fig. 4. shows the electron density dependence on
the dopant concentration. The electron density first increases rapidly with diborane concentration
and then levels off at high diborane concentrations. The dependence of film conductivity a and
mobility p on the dopant concentration is given in Fig. 5.

A B

Fig. 3A. Electron micrograph of an Undoped Fig. 3B. Electron micrograph of a doped Znf)
zinc oxide film (DEZ, 0.05%: ethanol, 2.3%: fihn (DEZ. 0.05%; ethanol, 2.3%,-: diborane.
T=3550 C). 0.014%: T=355°C).
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The films are the same as those used in Fig. 4. According to Drude theory 1141, the conductivity o

is proportional to the free electron density Ne following the relation ao'(Nee 2)/(m*y), where e is the
electron charge, m* is the effective mass of the conduction electrons, and y is the scattering

frequency. The Hall mobility gtn is related to the scattering frequency y by l.tu=e/(m*Y). Grain
boundary scattering is determined by the size of the crystallites. Impurity scattering, on the other
hand, increases with dopant concentration. In the low dopant concentration range, the important
contribution to scattering comes from grain boundary scattering, which is the same for films with
the same crystallite sizes. The film mobility is therefore independent of dopant concentration.
Since the electron density increases with dopant concentration, the film conductivity increases with
dopant concentration. In the high dopant concentration range, the role of impurity scattering
exceeds that of grain boundary scattering. The increase in the electron density can not compensate
for the increase in the impurity scattering frequency. Therefore, the conductivity and mobility both
decrease at high dopant concentrations.

The dependence of film conductivity and mobility on film thickness is shown in Fig. 6. Both
conductivitv and mobility first increase rapidly with film thickness and then become constant.
When the films are very thin, the crystallite sizes are small and grain boundary scattering is
dominant, limiting film conductivity and mobility. As the films become thicker, the influence from
grain boundary scattering decreases and impurity scattering is the main factor limiting film mobility

20M 25 1(X)

T
015020 ' 80 A
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•l1000 -

•A i 10o 40

5 20
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0.0 0.5 1.0 1.5 0.2 1 10 20
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Fig. 6. Conductivity and mobility dependence Fig. 7. Reflectance, transmittance and Absorb-
on the film thickness (DEZ, (0.05%; ethanol, ance of a ZnO:B sample (DEZ, 0.05%: ethanol.
2.3%: dihorane, 0.014%; T=3750 C). 2.3%; diborane, 0.014%; T=375°C).
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Table 1. Film deposition temperature Td, thickness t, electron density Ne, conductivity (Y, electron
mobility gt, band gap Eg and Figure of Merit FM. The diethyl zinc, ethanol and diborane
concentrations in the gas phase are 0.05%, 2.3% and 0.014%, respectively.

Sample Td t N, G.t Eg FM
___ I__rn 1020 cm-3  ( .cm)-I cm2 N-s eV _ -_

2257 300 0.60 1.4 253 11 3.40 0.06
2254 325 0.53 .T9 751 12 3.46 0.20
2252 355 0.77 3 1063 20 3.45 0.40
2260 375 0.72 4.3 1563 23 3.55 0.53
2266 400 0.69 5.4 1698 20 3.64 0.54
2267 430 0.64 6.7 1366 13 3.70 0.41

and conductivity. Therefore, for film with thickness above 0.8 tm, its conductivity and mobility
will not vary with its thickness.

The electron density, conductivity and mobility dependence on the deposition temperature are
given in Table I. The electron density increases with deposition temperature, indicating more
electronically active boron atoms were incorporated into the film. Therefore, the ionized impurity
scattering is more important for films deposited at higher temperatures than for those deposited at
lower temperatures. However, higher deposition temperature also leads to larger crystallite sizes
and therefore less grain boundary scattering. In the low temperature range, grain boundary
scattering is dominant over ionized impurity scattering, and the film mobility and conductivity
increase with deposition temperature. At high temperatures, ionized impurity scattering is more
important than grain boundary scattering. The increase of the electron density with temperature can
not compensate for the increase of the scattering, and so the conductivity and mobility both
decrease at temperatures above 400'C.

The film's optical properties were modified by doping. The doped films behave like metals
in the infrared and have high reflectance. In the visible region, the doped films behave like
dielectrics and have high transmittance. The transition between these behaviors is at the plasma
wavelength, which moves to a shorter wavelength as the electron density in the film increases.
The undoped films usually have their plasma wavelengths in the infrared" while the boron doped
films have their plasma wavelengths in the near infrared. Fig. 7 shows the reflectance.
transmittance and absorbance of a boron doped zinc oxide sample. The film has a thickness of
0.72 gim, electron density of 4.3x1020 cm-3, mobility of 23 cm 2/V-s, plasma wavelength of about
1.55 pm, maximum infrared reflectance of 85%, and average visible absorption of 8%.

The performance of doped zinc oxide films as transparent conductors may be ranked by a

quantity called the Figure of Merit which is the ratio of film conductivity a to average visible
absorption coefficient a, cr/cz=- l/(RInT), where R is the sheet resistance in U/square, T is the
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Fig. 8. Figure of Merit dependence on the Fig. 9. Band gap as a function of Ne2/3 for films
dopant concentration (DFZ, 0.05%: ethanol, deposited with different diborane concentrations
2.35, T=375°C). (DEZ, 0.05%: ethanol, 2.3%: T=375'Cl,
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average fractional visible transmittance. Fig. 8. shows that the Figure of Merit first increases with
dopant concentration and then decreases at high dopant concentrations. Table I shows that the
Figure of Merit dependence on the deposition temperature.

The optical absorption coefficient cc of a direct band gap semiconductor near the absorption

edge, for photon energy hv greater than the band gap energy Eg of the semiconductor, is given by

(x = A(hv - Eg)I/ 2 1141, where A is a constant. In heavily doped zinc oxide films, the lowest states
in the conduction band are occupied by free electrons and so the valence electrons require more
energy to be excited to higher energy states in the conduction band. Therefore, the band gaps of
doped zinc oxide films are wider than those of undoped zinc oxide films. The Burstein-Moss
theory predicates that the band gap widening is proportional to Ne2

/
3 , where Nc is the electron

density. Fig. 9. gives the band gap as a function of Ne2/3 for films deposited at 375°C.

CONCLUSIONS

Boron doped zinc oxide films have been successfully deposited from diethyl zinc, ethanol
and diborane in the temperature range 3000 C to 430'C in an atmospheric pressure chemical vapor
deposition reactor. The films were crystalline, and the crystallite sizes depended on the deposition
temperature, dopant concentration and film thickness. The resistance and Hall coefficient
measurements showed that the films have high conductivity, high electron density and high
mobility. The optical measurements showed that the films are highly transparent in the visible and
highly reflectant in the infrared. The band gap of the film increases with electron density and
approximately follows the Burstein-Moss relation.

ACKNOWLEDGEMENTS

This work was supported by Solar Energy Research Institute (now the National Renewable
Energy Laboratory). Instruments of Harvard University Materials Research Laboratory. supported
by the National Science Foundation, were also used. We would like to thank Yuan Z. Lu and
David Carter for their assistance in some film characterizations. The Watkins-Johnson Company
donated the gas dispersion nozzle.

REFERENCES

I. Z.-C. Jin, I. Hamberg, and C. G. Granqvist, J. Appl. Phys. 64, 5117 (1988).
2. R. E. I. Schropp and A. Madan, J. Appl. Phys. 66, 2027 (1989).
3. J. B. Yoo, A. L. Fahrenbruch, and R. H. Bube, J. Appl. Phys. 68, 4694 (1990).
4. R. Banerjee, S. Ray, N. Basu, A. K. Batabyal, and A. K. Barua, J. Appl. Phys. 62. 912

(1987).
5. T. Minami, H. Sato, Hf. Nanto, and S. Takata, Thin Solid Films 176, 277 (1989).
6. J. lot and R. G. Gordon, Solar Cells -0, 437 (1991).
7. J. HIu and R. G. Gordon, Mater. Res. Soc. Symp. Proc. 202, 457 (1991).
8. W. W. Wenas, A. Yamada, M. Konagai, and K. Takahashi, Jpn. J. Appl. Phys. 30, 1441

(1991).
9. B. H. Choi, H. B. Im, J. S. Song and K. H. Yoon, Thin Solid Films 194, 712 (1990).
1(1. S. N. Qiu, C. X. Qiu and I. Shih, Solar Energy Mater. I.5, 261 (1987).
11. S. Oda, H. Tokunaga, N. Kitajima, J. Hlanna, 1. Shimizu, and H. Kokado, Jpn. J. Appl.

Phys. 24, 1607 (1985).
12. F. T. J. Smith, Appl. Phys. Lett. 43, 1108 (1983).
13. D. A. Strickler, Ph. D. thesis, Harvard University, 1989.
14. 1. llamberg and C. G. Granqvist, J. Appl. Phys. 6), R123 (1986).



749

ZnO ON Si 3 N4 BIMORPHS WITH LARGE DEFLECTIONS

WAI-SHING CHOI AND JAN G. SMITS

Sensors. Actuators and Micromechanics Laboratories, Boston University, 44 Cummington
Street, Boston MA 02215

ABSTRACT

Piezoelectric bimorphs and piezoelectric strain sensors based on sputtered ZnO films
were fabricated on St 3 N4 cantilever beams to form tactile sensors. The sensors were used
to determine object positions. Deflections of the bimorphs showed a quadratic dependence
on the applied voltages. Defection as large as 1166 pm were registered for a bimorph of
2980 pm long. The apparent d 31 of ZnO under a bias of -4 volts was - 103 X 10-12 m/V,
which was approximately 20 times larger than the previously reported values of -5.12 x
10-12 m/V. The large deflections of the bimorphs were due to the quadratic effect under
strong electric field.

INTRODUCTION

The design of a tactile sensor combines the functions of piezoelectric bimorphs and
piezoelectric strain sensors. Piezoelectric bimorphs were first reported by C. Baldwin
Sawyer [1. They were made by joining two pieces of piezoelectric elements together
to form a composite cantilever beam. However, the actuation function of the homoge-
neous piezoelectric bimorph can be realized by a heterogeneous piezoelectric bimorph,
which is constructed by depositing a single layer of piezoelectric material on a layer of
non-piezoelectric material. The response of such heterogeneous bimorphs has been inves-
tigated by Steel et al. [2, and Smits et al. [3:. Numerous applications of heterogeneous
bimorp1:ý using piezoelectric materials such as PLZT, PZT, PVF and ZnO had been re-
ported. The applications include telephone receivers [41, thickness extensional mode res-
onators [51, PILFET accelerometers [6;, resonant diaphragm pressure sensors [7>, resonant
force sensors [8>, monolithic band-pass filters made of cantilevers 190 dampers in vibration
control of beams 110 - 13] and regulators of vibration modes of rectangular plates to control
sound radiation (14>. Circular bimorphs are used in integrated micropumps built on silicon
wafers [15].

FABRICATION

A (100) Si wafer is oxidized in dry oxygen at 1150°C to obtain 0.5 pm of masking
oxide. By means of photolithography, an array of 3.11 min. x 0.96 mm rectangular windows
are patterned onto the wafer. Si0 2 inside the windows is then etched away in Buffered
Oxide Etch (BOE). A sacrificial layer of Zinc Oxide (ZnO) of 1.0 pm thick is deposited
onto the wafer by magnetron sputtering. The ZnO film outside the rectangular windows
is etched away in a mixture of Phosphoric acid, Acetic acid and water (1:50:50). A layer
of Si 3 N4 of 1 pm thick is then sputtered onto the wafer. A layer of Chromium-Gold is
evaporated on top of the Si3 N4 to define the bottom electrodes. Piezoelectric ZnO of 1
pm thick is then sputtered and patterned on top of the bottom electrodes. A second layer
of Chromium-Gold is evaporated onto the wafer to define the top electrodes. This step
completes the construction of the critical components of the tactile sensor. The device

Mat. RNe. Soc. Symp. Proc. Vol. 242. 01992 Materials Research Society
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Au/Cr Photoresist ZnO

Figure 1. Cross-section of the bimorph with the moat opened to expose the
sacrificial ZnO for the final etching.

is now ready to be etched free. Photoresist is spin-coated onto the wafer and patterned

with a mask that exposes the necessary areas of the Si 3 N4 needed to be etched in order

to reveal the cantilever beam structure of the device. The Si 3 N4 is etched in BOE until

the sacrificial ZnO is reached, as shown in Figure 1. With the same photoresist still in

position, the sacrificial ZnO underneath the Si3N 4 is etched in a mixture of Acetic acid,

Phosphoric acid and water till the cantilever beams are free from the Si substrate.

RESULTS

Sensors were successfully fabricated on three Si wafers, and around a hundred of them

were produced. Half of the fabricated devices were 2980,um long, while the other half were

1688 jm long. The cantilever beams all curved upwards. The curvature was due to the

mismatch of thermal expansion coefficients between the materials, and the existence of

residual stresses in the sputtered films. A SEM picture of the cross-section of the bimorph

is shown in Figure 2.

DEVICE CHARACTERIZATION

Around thirty of the tactile sensors were tested under a probe station, which is

equipped with a 30x optical microscope and a reticle with a resolution of 33.3 pm per

unit on the eye-piece. A DC voltage was applied across bender electrode areas via the

bonding pads. In order to observe any hysteresis effects, the bending voltage was applied

in a particular sequence. The bending voltage was lowered first from 0 X" to -6.5 V uni-

directionally with small increments. From -6.5 V, the voltage was raised uni-directionally

back to 0 V. From 0 V, the voltage was increased to 6.5 N" and then decreased back to OV.
All the devices tested behaved in a similar fashion.

The position of the free tip of the sensor was read off from the reticle at the input

voltages. The deflection of the free end due to an input voltage was obtained as the

difference between the position of the free end at the input voltage and the initial position

at zero input voltage.

DISCUSSION

The result of the deflection versus DC voltage of a typical bimorph is presented in

Figure 3.
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Figure 2. A SEM picture showing the cross-section of the bimorph. The layer
with a granular under-surface is the sputtered Si N film, which is about I Aim
thick. On top of the Si3N4 film are layers of Cr/Au of 0.5 tim, sputtered ZnO of
I jum thick and Cr/Au of 0.2 ýLm thick.
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Figure 3. Deflection of the free end as a function of the DC bending voltage.
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The parabolic shape of the plot indicated that the heterogeneous bimorph responded
strongly to the amplitude, but not the polarity, of the applied voltages. We could divide
the deflection dependence on voltage amplitudes into two regions : from 0 V to 1.7 V. a
weak-field region and from 1.7 V to 6.6 V. a strong-field region. Saturation in deflection
was observed at voltage amplitude above 6 V.

Smits and Choi [3 ; had derived the constituent equations for a heterogeneous bimorph,
in which the deflection of the bimorph due to an external voltage was given as

3d 3 1ABL 2
1  (1)

where

• i r v ,ih~i(hsi -1 h,)
A = s,' s(sP, h,, + s''h,) B = (s h, hi,)

K = (s'i)(hp)* - 4ssp h..(h,) 3

"+6st'sP (hsi)2 (hp) 2 
+ 4s p

"+ (SP,)2 (h.i )4

s;i' and s', are the elastic compliances of the Si3 N4 and ZnO respectively, and hsi and
h. are the thickness of Si 3 N4 and ZnO respectively. d3 l is the piezoelectric constant of
ZnO and L is the length of the bender.

For the tactile sensor under testing, he,j hp. s', s P1, L and d3 l assume respectively the
following values: 1.0 Am, 1.0prm, 17.8 x 10-13 m 2/N [161, 8.1 x 10- " m2 /N [17, 2583jum
and -5.12 x 10-12 M/V [181. Using these values, the deflection according (1) becomes

S(V) = 12 X 10-6 v (2)

Equation (2) is plotted in Figure 3 as the dotted line through the origin. The piezoelec-
tric effect represe-ited by this line is not sufficient to explain the measured data. The best
straight line through the data points in the left branch gives a slope value of 243 Mm/V at
a bias of -4V. The value of the slope implies that an 'effective' piezoelectric coefficient dj'
can be found as -103.7 x 10-1" m/V, which is around 20 times larger than the previously
reported value of -5.12 x 10-12 m/V.

A least-squares fit is performed to the data in Figure 3 with a second order polynomial
in V, and the following coefficients from the fitting are obtained

6(V) = -21.255 x 10-6 + 6.377 x 10-6V - 30.933 x 10-'V 2  (3)

From equation (3), it is observed that the second order term has a more dominant effect
on the deflections of the bimorph than the linear piezoelectric term. Such strong quadratic
dependence on voltage suggests that the electrostrictive effect, which is a quadratic func-
tion of the electric field, is responsible for the deflections in the high field regions. Elec-
trostrictive effects which'occur under high electric field, had been reported in piezoelectric
ceramics by Mason [19'.

CONCLUSION
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ZoO on Si 3 N4 bimorphs were fabricated as the actuation components of the tactile
sensors. Deflections of the bimorph in the range of 1000lm can be achieved with a voltage
of 6V. Deflections of the bimorphs were observed to have a strong square dependence on
the applied voltage. An effective d 31 of 103 X 10-12 was found for the ZnO films. The
large deflections were due to the contribution from electrostriction. This was the first time
that a large effective piezoelectric coefficient as a result of biasing into the electrostrictive
regime was reported in piezoelectric ZnO films.
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S.M. Rozati, S. Mirzapour, M.G.Takwale, B.R.Marathe and
V.G. Bhide

School of Energy Studies, Department of Physics,
University of Poona, Pune 411 007, India.

Abstract

Transparent conducting tin oxide films were prepared by
an electron beam evaporation technique. As-deposited films
were amorphous or polycrystalline depending on the substrate
temperature and the time of deposition. In order to get
transparent and conducting thin films of Sn0 2 , as-deposited
films were subjected to further heat-treatment in air
at 650 0 C for 2 hours. Physical properties of as-deposited
and annealed films are discussed with reference to substrate
temperature and deposition time.

1. Introduction

SnO2 thin films have received high technological
importance because of their electrical, optical and
structural properties. These films are extensively used as
solar cell windows [1], heat-mirrors (2], sensors [3] etc.
Different deposition techniques, namely sputtering [4],
spray pyrolysis [5], chemical vapour deposition [6],
evaporation [7] etc. are used for deposition of these films.
SnO2 thin films in this work, have been prepared by
evaporation of high purity SnO2 pellets on Corning 7059
glass substrate. Sn0 2 molecules decompose in the gaseous
state when heated in a vacuum and deposit as amorphous
structure or suboxides depending on substrate temperature
and time of deposition. The suboxides are oxygen deficient
Sn-O films formed by partial loss of oxygen during
evaporation. In order to get transparent and conducting
films of Sn0 2 , post-deposition heat-treatment in air at
650 0 C for 2 hours has been performed. It is observed that
the physical properties of these films depend strongly on
substrate temperature, time of deposition and annealing
treatment. The properties of SnO2 thin films can be varied
by changing process parameters of the deposition technique
[8].

2. Experimental

The experimental set-up for the deposition of the films
consists of a stainless steel vacuum chamber connected to an
oil diffusion pump with LN2 trap. The vacuum system is able

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society



756

to evacuate the chamber to a pressure of 10-6 Torr. The
electron beam gun is basically a diode having a cathode in
the form of a filament and a grounded anode. SnO2 powder
(supplied by Aldrich) was pressed into pellets and
evaporated using an electron beam with a power of 3 KW. The
pellets were initialy degassed with the shutter closed for
about 10 minutes by applying a low power electron beam. The
distance between the gun and the substrate holder was kept
around 18 cm. As-deposited and annealed films were studied
by using grazing angle X-ray diffractometer (Rigaku,
Ru 2 0 0 B), Hitachi optical spectrophotometer and Hall
coefficient measuring equipment. Hall measurement has been
carried out at room temperature using van der Pauw geometry.

3. Results and Discussion

A) Effect of Substrate Temperature on Hall Mobility

Fig. (1) shows the variation in n, p and resistivity
with substrate temperature. There is a decrease in mobility
(p) as the substrate temperature is increased from 50 0 C to
200 0 C. Above 200 0 C there is a higher increase in the
mobility. The orientation of the films deposited at
different substrate temperatures is shown in Fig.2. The low
value of mobility appears to be due to the presence of [110]
orientation. This [110] orientation has trap density of
9.4x10 1 4 Sn at./cm 2 [9], while [101] orientation has trap
density of 2.54x10 1 4 Sn at./cm 2 [10]. The lesser trap
density along [101] orientation appears to be responsible
for the higher value of mobility for [101] oriented films
(see Fig.2).
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Fig.l. Variation of resistivity Fig.2. The variation of
carrier concentration & mobility and (I/Io)
mobility with substrate for planes (101) &
temperature. (110) with substrate

temp.
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B) The Effect of Time of Deposition on SnO2 Films

Fig. 3(a-c) shows the XRD patterns of as-deposited Sn02
films deposited at different duration of time at a
deposition rate of 2 A°/S. All depositions were performed at
substrate temperature of 350 0 C. Fig. 3(a) shows an
amorphous structure for as-deposited SnO2 films deposited
for 10 minutes, while XRD patterns 3(b) and 3(c) are for
polycrystalline suboxides of SnO2 films deposited for 20 and
30 minutes respectively. The extension of the deposition
time helps the transition of amorphous to polycrystalline
structure. Fig.(4) shows XRD patterns of the same films (as
in Fig.3) after post-deposition heat-treatment, viz. 650 0 C
for 2 hours in air. This heat-treatment was carried out to
improve the transparency of the films. The high conductivity
of undoped SnO2 films has been attributed to oxygen
vacancies [10]. Fig. 4(b) and 4(c) show the complete
transformation of as-deposited films to SnO2 structure.
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Ac 10 0)(211! (C)
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Fig.3. As deposited films of SnO2  qig.4. Post deposition
a) 10 minutes heat treatment of
b) 20 minutes SnO2
c) 30 minutes a) 10 minutes

b) 20 minutes
c) 30 minutes

C) Optical Properties

Fig. (5) shows tne room temperature transmission curve
of as-deposited and annealed samples of tin oxide thin
films deposited at 350 0 C for 20 minutes at a rate of 2A°/S.
As shown in Fig. (6), the square of absorption coefficient
was found to be linearly proportional to photon energy,
which suggests that direct allowed transition occurs in this
film [11). From the dependence of the aboorption coefficient
on photon energy and extrapolating the linear region to
zero, the band gap was found to be 2.57 eV before annealing
and 3.42 eV after annealing.
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4. CONCLUSION

In this work, it is observed that in order to get
better physical properties of Sn0 2 , such as better structure
one should extend the deposition time. Lower deposition time
results in amorphous films. The films become polycrystalline
when deposition time is increased. However, these films have
only SnO phase. After annealing at 650 0 C for 2 hours, the
SnO phase changes to SnO2 . It is also observed that films
which are oriented along [101] show better electrical
propertic -. Subsequently films of random orientation having
trap de s-ty of 9. 4 xi 0l1 Sn at/cm2 , show lower mobility and
higher resistivity. It is also observed that the band gap of
as-deposited films increases by subsequent heat treatment
from a value of 2.57 eV to 3.42 eV resulting in high visible
transparency.
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ABSTRACT

Nanometer size lead iodide particles have been synthesized in the porous
network of a cross-linked polymer matrix. The optical band gap of the nanocrystals
is shifted towards higher energy as compared to the bulk value. This shift is
attributed to the quantum size effect on excitons. Intercalation with aniline leads to
a further shift in the band gap which depends on the dipole moment of the
intercalated guest species. Differential scanning calorimetry and high temperature

x-ray diffraction have been used to analyze the ferroelectric transition in Pb12 .

INTRODUCTION

Semiconductor nanocrystallites (or quantum dots) are a subject of extensive
research [1-5]. These efforts are directed towards an understanding of the effect

of size and dimension on the electronic and optical properties of materials. Size
quantization effects occur when the Bohr radius of the exciton (or electron) is
comparable to the crystallite dimensions and leads to new phenomena and
applications. For example, a shift in interband absorption or luminescence peak,

and a non-linear optical effect are a manifestation of the quantum size effect in
semiconducting nanocrystals. The non-linear optical effects have potential

applications in ultrafast optical devices. Effective-mass models and empirical
pseudopotential methods have been employed to explain these effects [5].

Lead iodide (Pbl2 ) is a direct band gap semiconductor and has a layered
lattice structure. Its use has been demonstrated in holography, photocapacitive

devices, and radiation detection [6,7]. Recently, it has been shown that Pbl2
exhibits ierroelectricity with a Curie temperature of about 573 K [8]. The
combination of semiconducting and ferroelectric properties raise the possibility of
photoferroelectric phenomena in Pbl2. Furthermore, PbI2 nanocrystallites offer an
opportunity to study the effect of particle size on the ferroelectric phase transition.
Small ferroelectric particles are expected to show different dielectric properties as

compared to bulk crystals [9,10].
The structural repeat unit in Pb12 consists of three planes of strongly bonded

atoms: a plane of lead atoms sandwiched between two layers of iodine atoms.
These structural units are separated by weak van der Waals forces. As a result,
foreign guest species can be introduced (intercalated) within the van der Waals
gap. This leads to an expansion of the unit cell, depending on the size of the guest
molecules. In addition, the properties of the intercalated material are dramatically

Mal. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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altered. For example, it was recently shown that the optical band gap of Pb12 thin
film shifts by about 0.5 eV upon intercalation with aniline (C6 H5 NH 2 ) and the shift

depends on the dipole moment of the intercalated guest species [11].
In this paper, we report a new approach for the synthesis of nanometer size

lead iodide particles in the pores of a polymer matrix. This technique was recently

used for the preparation of nanometer size magnetic particles [12]. The optical

band gap of PbI2 is blue shifted due to small particle size. Intercalation with aniline
leads to a further shift in the band gap. Thus, the optical band gap of PbI2 can be
fine-tuned by varying the size of the nanocrystals and by a proper choice of the

guest molecule. Preliminary results on the effect of particle size on the ferroelectric

transition are also discussed.
The polymer matrix used is a strongly acidic, cation-exchange resin

containing sulfonate functional groups. It consists of cross-linked sulfonated

polystyrene diviryl benzene matrix leading to a porous network. The degree of
cross-linking determines the exchange capacity and the porosity of the resin. We

used 50X8-200 resin (Dowex) which is composed of an 8% cross-linked matrix
yielding a medium porosity. The resin exists in the form of uniform spherical beads,

approximately 150 pm in diameter.

EXPERIMENTAL

The synthesis steps are similar to those described in reference 12. The

washed beads were exposed to an aqueous solution of lead nitrate for about three
hours fol'owed by thorough washings to remove any excess physisorbed lead ions.

During this treatment, two protons were exchanged for one Pb 2 +. The Pb 2 +-

exchanged beads were then exposed to an aqueous solution of sodium iodide.
The product was finally washed with deionized water and dried at 60"C.
Intercalation of nanoscale Pbl2 particles with aniline was achieved by exposing the

nanocomposite beads to aniline vapors in an evacuated chamber (=10-2 Torr).
X-ray diffraction patterns were obtained using a Scintag diffractometer (CuKa

radiation). A high temperature attachment, operating in a dynamic vacuum of 10-2

Torr, was used to perform x-ray diffraction as a function of temperature.

Transmission electron micrographs were obtained on JEOL 1200EX (at 120kv). A
microtome was used to prepare thin specimens. A heating/cooling rate of 20°C/min
was used in the DSC scans.

Optical transmission measurements were performed on a single Pbl2 -polymer

composite bead using a xenon arc lamp. Two different gratings were used for the

ultraviolet and visible region. A sapphire single crystal was used for mounting the
beads. The light from the lamp was monochromated and focussed to a 20/pm spot
on the center of the spherical bead. The transmitted light was collected and
refocussed onto the detector by a sapphire lens. A thermoelectrically cooled GaAs
photomultiplier tube waj used as the detector. A normalization spectrum was taken

using a dried, pristine polymer bead.
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RESULTS AND DISCUSSION

The x-ray diffraction pattern of the nanocomposite is shown in Figure 1(a).
Upon intercalation with aniline, the (001) diffraction peak shifts from about 6.98 A
to 10.74 A, Figure 1(b). Intercalation leads to an increased separation between the

interlayer iodine atomic planes. The pristine beads were x-ray amorphous.

d (X)
15 10 5

6.98 (•)

S(a)

10.7

10 20 30 40

20 'deg)

Figure 1. XRD pattern of (a) pristine and (b) aniline intercalated Pbl2

nano-composites.

• 100 nm

Figure 2. Transmission electron micrograph showing nanometer

size PbI2 particles in the polymer matrix.

Transmission electron microscopy shows that the Pbl2 particles are spherical

with a mean diameter of 190 A (Figure 2). The particle size distribution is Gaussian

with a standard deviation of about 40 A. A small fraction of the particles have a

mean diameter of about 110 A. Because of the melting of the polymer from
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electron-beam damage, the particles tend to aggregate upon prolonged exposure
to the beam.

The optical absorption spectrum of the nanocomposite containing Pbl2
particles is shown in Figure 3. The absorption edge appears at about 3.25 eV.
This is a blue-shift of 0.75 eV from the optical band gap of bulk Pbl2 (=2.5 eV, [11]).
This shift towards higher energy due to small particle size is attributed to quantum
confinement of excitons and is a well known phenomenon 1l -5). The optical
absorption spectrum of the same composite after intercalation with aniline is shown
in Figure 4. The absorption edge appears at about 4.1 eV indicating an additional
shift of 0.85 eV. This shift is due not only to the weakened interaction between the
interlayer iodine planes, but also to the guest-host interaction. The former originates
from an increased separation between the interlayer iodine planes upon
intercalation, and causes a flattening of the bands, thereby increasing the band-gap.
The latter is due to the polar -NH2 group of aniline electrostatically interacting with
the iodine 5p, electron, thereby increasing its binding energy [11]. This
electrostatic attraction depends on the dipole moment of the intercalated guest
species. The larger the dipole moment, the stronger is this effect and hence a
larger shift in the band gap is expected.

Energy (eV) Erergy (eV)
4035 30 25 20 40 38 36 3 4 33 30 308

(190g o - Pbil Particles lnt ,rcalated W•ih Anlne

.o Prticles) .

:3 2,5 eV

25ý

400 500 600 700 t00 300 350 400 45
Wavelength (nim) Wavelength Inln)

Figure 3. Optical absorption spectrum Figure 4. Optical absorption
of a single Pbl2-polymer bead. The spectrum of aniline intercalated
oscillations at certain wavelengths are PbI2-polymer bead.
due to the xenon lamp.

It was recently shown by capacitance measurements that PbI2 undergoes a
ferroelectric transition at about 573 K [8]. Since Pbl2 belongs to one of the
ferroelectric space groups, P3ml, ferroelectricity is expected in this compound [13].
Polytypic phase transitions are well known in this material [14]. In order to examine
the effect of particle size on the ferroelectric transition, the transition in the bulk
material must be understood. We have investigated the phase transitions in bulk
Pbl2 by means of differential scanning calorimetry and x-ray diffraction.
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Temperature (0C) The DSC spectrum

50 100 150 200 250 300 of bulk Pbl2 , precipitated by

adding an aqueous solution
of sodium iodide to the lead
nitrate solution, is shown in
Figure 5(a). The particle

0 size of the precipitated Pbl2
" (a) crystals was approximately

o 1 pm. Three successive

heating and cooling DSC
scans were taken. Two

(b) main transitions are evident
at 548 K and 580 K. The

300 350 400 450 500 550 600 transition at 580 K is broad
Temperature (K) during the first heating

Figure 5. DSC spectra of bulk Pbl2 with (a) no cycle, but becomes sharper
prior annealing and (b) annealing at 595 K for lh. and more prominent during

successive cooling and

d ( heating cycles. A minor
8 6 4 transition at 448 K,

: .. observed during the
S(7Ksecond and third heating

Ph., (575 K) cycles, is attributed to a
polytypic phase transition
[14]. On annealing Pbl2 at

.• Pb[i (550 K) 595 K for one hour prior to
"the DSC experiment, the
transition at 580 K becomes

I• dominant, Figure 5(b). The

Pbl, (300 K) transitions in the range 575-
581 K, depending on the

0 20 -- 40 50 thermal history, represent
20 (de&g) the ferroelectric transition in

Figure 6. X-ray diffraction patterns of bulk Pbl2 at Pbl2.
300 K, 550 K and 575 K. Figure 6 summarizes

the results of high
temperature x-ray diffraction. The first traces of a new phase appear at about 550
K. A mixed phase exists in this temperature region. At temperatures greater than
575 K, the phase transition is complete. This transition is attributed to the
ferroelectric transition in Pbl2 . The structure of the new phase as well as the effect
of particle size on the ferroelectric transition is under investigation. A preliminary
DSC analysis of the Pbl2 containing nanocomposites show the absence of any
phase transition attributable to Pbl2 particles. However, this does not unequivocally
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demonstrate a lack of ferroelectric transition due to small particle effects. A further
investigation using Raman spectroscopy and high temperature x-ray diffraction is
in progress.

CONCLUSIONS

Lead iodide particles with nanometer dimensions have been synthesized in
the pores of a polymer matrix. The band gap of Pb12 can be tailored by varying the
size of the nanocrystals and by intercalating a guest species of appropriate dipole
moment. For particles approximately 190 A in diameter an absorption edge at
about 3.25 eV is observed. The absorption edge shifts to 4.1 eV upon intercalation

with aniline. Bulk Pb12 undergoes a ferroelectric transition at about 573 K. Current
work is directed towards correlating the particle size with the ferroelectric transition.
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ABSTRACT

Mercuric iodide (1 lg12) single crystals deposited with transparent indium-tin-oxide
(ITO). and semitransparent gold and nickel contacts were investigated by thermally stim-
ulated current spectroscopy (TSC). The differences in the TSC spectra from these samples
indicate that the defect structure in HgI2 may be modified by the contact material. These
defects act as carrier traps and have strong implications in the application of Hgl2 nuclear de-
tectors. A method of numerical analysis was developed to extract information such as carrier
trap activation energy, capture cross-section, and trap concentration-lifetime product from
the TSC measurements.

INTRODUCTION

Mercuric iodide is one of the two leading candidates (the other being cadmium tel-
luride) for use as room temperature semiconductor X-ray and gamma-ray detectors [1].
Compared with conventional semiconductor nuclear detectors such as lithium-drifted sili-
con, lithium-drifted germanium or high-purity germanium detectors, Hgl2 nuclear detectors
have the advantages of a large bandgap (2.1 eV at room temperature), high resistivity (p
10" Dcr.- in the dark at room temperature), and large atomic numbers (80 and 53 for fig
and I, respectively). The large bandgap and high resistivity ensure that 11g12 detectors have
very small dark current at room temperature. Therefore, unlike Si and Ge based detectors.
no cryogenic cooling is needed for HgI 2 detectors. The large atomic numbers make tigIZ
many times more efficient than Si or Ge based detectors in stopping the incident X-ray or
gamma-ray photons to be detected, since the photoelectric effect is roughly proportional to
the fifth power of the atomic number.

At present, tlg1 2 spectrometers have resolutions comparable to that of Si detectors for
X-rays of moderate energy (e.g. 5.9 keV Mn K. line) [2]. One of the issues of concern in the
further development of I1gI2 detectors has been the low manufacturing yield of about 20';N
[3]. This is believed to be caused by defects introduced during crystal growth and device
fabrication. These defects act as recombination centers and carrier traps, thus decreasing
the carrier lifetime, causing polarization effect, and resulting in incomplete charge collection.
all of which are detrimental to detector performance. In addition, carrier trapping is also
the main culprit in degrading the performance of tlgI2 detectors in the higher photon energy
range (above 100 keV) where the resolution of lIlgI2 detectors is considerably inferior to that
of Ge detectors.

11gl 2 is a soft and reactive material. It undergoes a phase transition at 127 °C from red
tetragonal (o-phase) to yellow orthorhombic (0-phase) crystal structure and mells at 251)
0 C. Previous studies have shown that defects can easily be introduced during processing [.11.
The deposition of electrical contacts on IlgI2 is a major and cru-ial step in the fabrication
of 1lgl 2 detectors. Studies of various contact materials on 11g12 by low enmperature photo-

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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luminescence spectroscopy (PL) have shown that recombination centers may be introduced
in the interfacial region between contact layer and 11gI2 substrate [5, 6[. In this study, we
have employed TSC methods to study the effects of the indium-tin-oxide, gold, and nickel
electrical contacts on the carrier traps in HgI 2 .

EXPERIMENTAL AND NUMERICAL

The ltgI2 single crystals were grown from vapor phase at EG&G Energy Measure-
ments, Inc. Slices of I cm x 1 cm with thickness of about 0.05 cm were cut from these crystals
by sawing with a thread dipped in a KI solution. Each sample was chemically etched in a
10% (by weight) KI aqueous solution prior to contact deposition. The ITO was deposited
by sputtering and was transparent. Au and Ni were deposited by thermal evaporation and
were semitransparent with a transparency of about 50% in the visible light region. Trans-
parent and semitransparent contacts were necessary to make the TSC measurements. These
deposited conducting layers formed the front contacts. Painted colloidal carbon was used as
back contacts in all samples. Each sample was then mounted onto an alumina substrate with

the transparent or semitransparent electrode facing up. TSC measurements were performed
between 78 and 278 K. The sample was first cooled to 7S K in the dark and then illuminated
through the front contact for 5 minutes with a 20 mW argon ion laser beam (operated at
4880 A). Current was measured as a function of temperature as the sample was heated in
the dark by a resistive heater. A DC bias of 12 V was applied to the sample all the time.

The rate of the temperature change was also recorded as a function of temperature.
Many methods exist for analyzing TSC data to obtain trap activation energy, and

sometimes also carrier capture cross-section and trap concentration-lifetime product [7]. The
most commonly used method is to measure several TSC spectra with different heating rates.
For each heating rate 03, a current maximum T, can be obtained. From a plot of In( T)

vs. ' (o is a constant), the activation energy can be obtained. Under certain assumptions.
either the carrier capture cross-section or the trap concentration-lifetime product may also be

obtained. Several disadvantages are associated with this method: (1) several TSC spectra
have to be taken from each sample, (2) for each TSC spectrum, only the TSC current
maximum temperature Tm is used for information extraction, (3) quite a large range of
heating rates have to be used, this is difficult to achieve since at high heating rate, there
may be a large temperature gradient between the sample and the temperature sensor and
also the sample itself may not be uniformly heated. In this study, we have developed a

numerical method to analyze TSC data using only one TSC spectrum to obtain activatioll
energy. carrier cross-section, and trap concentration- lifetime product.

Under the assumption that traps only interact with their respective bands but not
with each other, and that I L 1<1 I (electrotn traps are considered here), the I'St processdt
is described by the following equations,

= rN~i~ein Ep( )mn,
1+ n(I - )

and
dn, A',o,tv,hep(- -F ),

where n, is the concentration of electrons trapped in the ith trap, n is the concentration of
free electrons, A', is the effective density of states in the conductioni band. T, is the steady

state lifetime of electrons in the conduction band, a, is the electron capture cross-section

of tie ith trap, ",h is the thermal velocity of the conduction hand electrons, A', is the total
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concentration of the ith trap, r, = ,h is the retrapping time, and E, is the activation
energy of the ith trap.

It can be shown that the shape of the TSC spectrum resulting from the above equation,
is determined by four parameters: heating rate 13(T) = dT, trap activation energy E,.
carrier capture cross-section a,, and trap concentration-lifetime product N,T,. For each
experimentally obtained TSC spectrum, #(T) is also recorded, so that it can be treated as
known and used for the numerical analysis. A numerical integration subroutine using the
Runge-Kutta method[8] was written to solve the TSC rate equations and obtain a calculated
TSC spectrum for any given set of ari, E,, and Ni,,. From each calculated spectrum, the
temperatures at which the TSC current reaches maximum (labeled T, ) and half-maximum
on the low and high temperature side of Tc (labeled Tf and T_•, respectively) were noted.
Thus these temperatures as a function of a,, Ej, and Nj,, can be numerically obtained.

T' = TC(a,,E,,AN,r,.), T, = T. (or,, E,,N.,.), T+ = T.(a,,E,,N,7,).

From the measured TSC spectrum, temperatures at which the TSC current is maxi-
mum and half maximum can also obtained and are labeled as T-, T,-, and T.ý. With these
values, a three dimensional root finding problem is set up, with three unknowns: a,, E,. and
N,r,. The three equations are,{ T•_(a,,F,, Nj,,) - T"= 0

T,'(a,, E,, N,,) -r.) = 0
Tý(or,, E,, N,7) - T,- 0.

A subroutine was written to solve the above problem using Newton-Raphson method
[8]. Therefore, for each measured TSC curve, using the above numerical method, the car-
rier capture cross-section, activation energy, and trap concentration-lifetime product can be
extracted.

RESULTS AND DISCUSSIONS

Many researchers have performed TSC measurements on ttgl2. Some of them have
tentatively related TSC peaks they have observed to stoichiometry [9], energy resolution [10].
polarization effect [11], and structural imperfection such as dislocations [12]. These results
hav- bon surrimr"-ized in Ref. 13, where TSC peaks of various workers were categorized into
eleven peaks, labeled as T, to T11.

Fig. 1 shows the measured TSC spectrum (dotted line) from a sample contacled
with an ITO electrode. Five peaks were observed and were labeled according to Ref. 13.
The dominant peak is T6 and is analyzed with the numerical method we have developed.
The continuous line is a calculated fit to this peak. Fig. 2 shows a measured (dotted
line) and a calculated (continuous line) TSC spectrum for a Au-contacted sample. Only
one broad peak (T8) was observed. In Fig. 3 are measured (dotted line) and calculated
(continuous line) TSC spectra for a Ni-contacted sample. Three peaks were observed. T"
and T5 were analyzed with the numerical method. T6 was not clearly resolved and was
fitted with parameters obtained from the ITO-contacted sample. For all three samples, the
measured T',, and extracted values of carrier capture cross-section, activation energy, trap
concentration-lifetime product were summarized in Table 1.

ITO has been used as an electrode material on 11g12 to fabricate photodetectors.
These detectors, in conjunction with a scintillator material such as CsI(TI), Nal(TI) or
B(;O. were used as nuclear spectrometers in a different approach [14]. Instead of detecting
the incident radiation directly, 1tgl 2 photodetectors detect the visible light generated by
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ITO-contacted T6

I.I

U• T2 3

(• LT,;

78 128 178 228 278

Temperature (K)

Figure l: TSC spetra from a sample contacted with a transparent indium-tin-oxide electrical
contact. The dots represent the measured spectrum. the continuous curve represents the
calculated spectrum.

the radiation in the scintillators. This approach takes advantage of the high gamma-ray
stopping power of the scintillators and also avoids the carrier trapping problem associated
with 1lgI2 nuclear detectors when detecting ganwna-rays. ITO contacts have been shown
to work better in terms of photoresponse and long-term stability than several alternativ,
transparent and semitransparent contacts, even though recombination centers related to Ow
deposition of the film were found to degrade the uniformity of the photoresponse [1-5]. The
TSC spectra from ITO-contacted samples resembles those from Pd-contacted samples ill
that the dominant peak is 7ý [6]. Since Pd is the most commonly used contact materials, it
seems that this trap is not detrimental to the device performance.

Au contacted T8

cn

78 128 178 228 278

Temperature (K)

Figure 2: TSC spectra from a sample contacted with a semitransparent gold electrical (on
tact. The (lots represent the measured spectrum, the continuous curve represents It caI(i-
lated spectrum.

Au has also been used as a contact material for |lgl2 detectors [16]. butt not as widely
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as Pd. The Tsc spectrum shown in Fig. 2 is quite different from that of Fig. 1. Due to
the large width of the peak TS, a relatively small activation energy of 0.20 eV was obtained.
Previous study has shown that the deposition of Au on 11g1 2 has very little effect on the PL
spectra and does not introduce any new recombination centers [13]. It seems that Au should
still be a candidate in the search for the "best" contact material for 11gIb nuclear detectors.
Optimization of deposition conditions and different deposition methods shouid be further
investigated.

Ni-contacded T5

T iT

€:~~~ 

TI6 
.,.

, 
i 

I 
r

C-)

78 128 178 228 278

Temperature (K)

Figure 3: TSC spectra from a sample contacted with a semitransparent nickel electrical
contact. The dots represent the measured spectrum, the continuous curve represents the
calculated spectrum.

Ni has never been tried as a contact material for HgI 2 detectors. The dominant TS(
peak in Ni-contacted samples was a narrow TS. This peak has been related to mechanical
damages due to cleaving [12]. Cleaving has been abandoned in the HgI 2 device fabrication
because it was believed to be harmful. Another peak at 89 K (TI) has been related to
iodine deficiency [9]. This trap is also undesirable since iodine deficiency in the sample
has been reported to be relat'd to poor crystal quality and poor detector perforInance[16].
These results seem to agree with PL studies of Ni-contacted samples. Extensive stuidiy
of the correlation between PL spectra and IlgI2 device performance has shown that omn
recombination center called band 3 in Pb spectra wL, detrimental to detector performance
[13]. The origin of this defect is still being studied but preliminary results indicate that Ni
is one of the suspects. It seems that nickel is not likely to become a useful contact mate rial
for lIgI2 detectors.

('ON\CL UTSIONS

ITO, Au, and Ni contacts on Hlgl 2 were investigated by TSC in the context of nuclear
detector applications. A numerical method was developed to analyze the experimentally
obtained TSC spectra. This study sugiested that the defect structure in lgl 2 is stroiiglV
affected by the contact material.
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Table 1: Summary of TSC results for samples contacted with ITO, Au, and Ni electrod,-,.

T , 12 T3  T5 '[ Ts

7,. (K) (ITO) 95 113 144 165 213
a, (cm 2 ) IE-15
E, (eV) 0.3P
NAr,T (cm-3s) ]E+9

T,, (K) (Au) 193
a, (cma) 5E-'22
E, (eV) 0.20
N,,, (cm- 3 s) 9E+-15
T,, (K) (Ni) 89 147 166 202
ai (cm 2 ) 3E-14 2E-1 1

E, (eV) 0.19 0.48
',r,, (cm- 3 s) IE+9 IE+3
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OPTICAL AND MAGNETIC RESONANCE INVESTIGATIONS OF MERCURIC IODIDEW CRYSTALS

BEK. MEYER, O.M. H-OFMANN, J. ECKSTEIN+ aitd E.W. BENZ+
Physik-Department E 16, TU Munich, James-Franck Str. , 8046 Catching. GeT7rman';

Kris tal lograph i shes Institur. University Freiburg, flebelsrr. 2) , /7800
Fetihurg, Germany

ABSTRACT

The nptical properties nf the red modification of mrcurL~ic taittY'l
(IgJ 2 ) were studied hy ~ptical absorption, magnetic circular dichrnismr,

phoraOluminescence and optically detected magnetic resonance i ices Lij pat:rota;!
The experiments demonstrate the involvmrent of acceptors wi tht enery Ie s
at C1 , + 0. 14 + 0.01 eV anti 0.15 i+ 0.01 eV in the absorpr inn and

recaomhinatiion at 2.2 eV . The T - values are 0.85 "nld 0.72+,repc xcv

1 .I NTRODUCT7I ON

r[ite r-ed mo1dificationl Of mercuryic iodide, a wide hand Fap cocii: cocci
s.emiconductor (EF =1. 32 c-V at 14.2 K) with a high atomric nutriter coutdtlt.
pensmis ing canlditate for runs temiperature , low nioise tO cl1e I I

de~t-ectors. The det~ector qua lity~ is however severel v iitfI, t. ittd I0 tý
presence of stoichiometrtic defects ( inrerstitials , cal ion -Ind i ionn

vacancies) and di s locat i arTIS. The analysis of defect scri ttr ttt qiiiS
dr..Lýrent from cuhic 111-V or II1-VI compound semiconduc torslac,~.t
art) oWlSotyOpiCe lay~ered ma1;terial with tetragonal crystal s trcturt, lIn Ih
rerragn-al Uttit cell alternating layers of Hgitd I ,r 1:108 t

nt crlayes haveý a V'an dtt WýaaI s onds . Whtereas Hg-Hg7 anilip HF-Iat c I
týonided r1]
Fat a citaractet rýatiotn and t' correlation between det~cts and t

t
;, ,

piropert'tits of Hig .
1 

otte tteeds to kntaw tite atomric and electrancs r*c,i
rThe energy ieve I pa: i tiort at thtt relevantr point defects. lit pt itt 1 

1  
It

titfarmations catt he obtaineti frttt electron sp irt resortitt e ( SP R t tsit11
optt ica I ly derec t:ioi (ODE.SR) . Tite ,ecltititque, or j;iginal 11v app I ted fttorz lit..t11,I

at co lour Centt yes in alkal1i ltatI ities 12]1 antt recent Ilv sitece~sst I il ,;tpplti -
h ort rie sI tidy of i lit tinsip it defIectsý in Il- V sesitjcottdtte tots ý3 14 D Is it haS
Otlt rhe magne t (-c i rc ula r d icitto iSal t,f thie abstr tt faio 1.D) A I
apt 1 icat i art to s utly tie tI erts t nHip.l I i Ii ite) presentred.

2.iXP'ER IMENTAti DETAI 1.5

ill"; 1 ýttatily coittiý,ut rutho it Hieliutm teirperatuo f ;4.? K I-l:p

ýIil ~ ~ ttj spuld r t ,IiepII tcoIlI ti t . Iigltr t rots a ltzilIo 1 -,it -.m I ;i td . t i spi.
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o 1B
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Energy ( eN Energy CeV

Fi~g.l Fig.2:

Opt icalI absorption spcrmMagnetic circular diebroisit M(MCD)

of Hg?.) at Týl.5 K. for two different mnagnetic fields

a) B=2 T, T1=1.5 K; hi P-0, 'F=1.5 K.

-working at 44 k~li in combination with at Clan Thompson 1 ittcac polir i Our In
the optically detected sp ini resoniance, experiments (ODFSR) tin sample I s
counted in) a cylindri cal cavity ('1F.11 ) with wide optical access havting
loaded Q of 5000. Approximately 1 W of microwave pow.er at 24 Glilt .ol eal

del i ''ccc by a Gunn diode amplified by aI travelling w'ive cub,. hague,1
Iii ithe luminescence iteasurements the sample was exc ite I),l' thei 5i*1111 Tim r
iott laser linle andi the emit ted light dete-cted liv a Si-pitt diiniOra Ci.. III(

ptitotattl tipl icc with Si re-sponse. The emission lrF~ht w'Is atai"ssed It; Z'ý'FýIt
rest' I t ioil rinotitcitromattor (Iarel I IAsih 2 5- 100)i wt tIT itte sample int sit ni rf LId
l1i. i atim 1< 2K) . The Pcxi t at Sitn power Was nortitl 1; 10(1 il.'? itn an an'ttflc is',(
beam.

2.? Crystal gz,,ewthi

lfFg.I2 crystals have bteen grotwn by usitng the Pipet I eli oh; "cchttiqie it.
vel-ctical arrangementtc Prior to growith the attttoile'gsjs silt~imsý-il lit tI

silicon oil bait 1 125?, ±- (2 01: ). After tempecatirtr ittUOr'c''tci-ittot ttOi

:trmitill (-With its sifie'ltecitnexart was puilleti rtt of it lit I Ii 5, It

throi v,11g a hit er t I Witt] a trantisport ra teC of 1 11itt per i tiv i I lic, a!t ,
ttip-atewas kept at 1210 + (1.2 OC, whitie is flclts tin It'y,,

i'antsition temp ii nitu t of I ');7 oC. 'IThen tite spike of thin to ttt w 'i 1i tý''' i

tlii ijil surface, a '(-ed ct'.stal was formed. The ccitta oi '01cc ii
was - i g cc'' t;' ca p tpted -ci bti' w it It mIon or SeVert I itt1 Itttl I I f ý

A~ successful cvstatl gcowlth iteeti; itigit pttitv. start itt t C, I -Iý D"II
(It- ieil Hg? 2) pt'.tI, I wa 1) place-d i 11 qt'justto glIas tithe ajnd ''ni o
I2 ) h Thtis jtruc'clrttr was fttilotti liV a foutrfold sub] itt it ittl it) I I.t ýittI

q al !'eili' titit' , Witchi wt' li Xi ti 0 to usl grutwti h ttjitrp t'l ' l' .. AI..

'h miI IP 1M IA] v'; SI .,pt c or o'itit raI~ l Il. 4i,1

I lilt di '" i t hei I t I a ' t , l . ii'ii lilt' It cositu' i l
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Fig.3 Fig-4
Optically detected magneti lr esoniance 0 DESR exci tat ion spec trum
(ODF.SR) recorded at the F-22 CV MCD by mtonitoring the( 20',10 ml
band, 211 (;Hz, 100 mW, T-1, K ODESR line

of absorption hands in t.e range from 2 eV to 1.4! e%?. W(e nwo oiv l'
ttil abhsorption spe.ctrum rapidlv increases at 2.2 e%1 and t. s ahirj upi-
density of 1.8 already at 2. & V, whereas the hand gap energ is2.1
This could indicate that defccts which have their transition-s lost, t. (I eL
band gap energy might he pr ese nt in a considerable amounot.
"Ifhe MCD measures the difference of the left anti tight ci riolr I o~i ,i pci (
absorption in the magnetic f ie id. For a pa raimane t I i c h.fc, X,ý

intenisity is field and tempe-ratuire dependent 121 Clearly an alýript inn h0r-
is seen in the MCI) spectrum mfeasured at 2 T and 1I. 1, (f ý-ý" I
I ineshape is asymmetric and seems to be a superpos it inn of two hinds Iakil,
at, the ettcrgies of 2.235 eV. (A) and 2,250 eVI (B) indicat.d I),

Tile total MCD starting at 2. 16 cv is paramagnet ic ( m.asureel-ct* at 11.. 1
fig. 2b1. The ntstyis also reduced by raising the tempertaure, i
Is at half Of Its ValUe fot- 4.2 K< attid 2 T, thubs silowirp tOiIl, I '

population di fference ill the groutid state. This opetýs tihe pllss ill I-;to

perform optically dletected magnetic resonance.

3.2 ODESR and ODESR excitation

The( ODESR is mewasured by sett ing t he monocitrocator to t i ii i::

tih- MIA banti at 2.2'6 eV and sweeping tite iimlgtlet ic fie ldiIlhI '.

irtradiat ion with 24, c;iiz mict-owAves ,. Tile Observed t wI rosol/itllu Si. :I

occur as decreases in tile mtagnetic fie-ld depetndetnt itrlytese ,I tll 0!

Their field positionls are, at 20)20 mPT (A) and 23,20 mT (Bl).tNintlr --z Iost
not- at higher fields-- (< i' T) we obse~r-; addit ional 1u-sun/illosý IIll-
could onlyV he s~eaIs..,.i-i 101 -l1551 cr ticlto entaIiln pat.I l"l t" ti, ,.

to tile birefritl);etl- -~ilrs~d by the, t etragottal crystail stiuktull I ( t,,d .''
temperature - indl-pendeL tt di ehrois )1 .

'llspectra of thie MCI) hall&;1 ltilimr tie o til' siittlý.l s 1

at 20120 miT, eil- mtlaslirel bII ai lo1w i r.-i~lut cy nt,'l~tf iIl oihr It h,1 t

lnitctlwaves andt scatnning the opt ral Iex-c itatiotn 1nery.. Thiii- N)1j1 j";1

spr-ctt.ru is; sho.wn ill Iig.4/. It. cotmpariso to1 I till- tot II M'l t. I 1 it
2 

-) i t can he seen( i t hat ttic- de fi- ct re spotns ill 1( to t hti,- A ll tII-i le11 .Tt.

0111 V ill the low (-tlltry f/,Itt (If till total MCI). Thle I"W Ite.V II. t Z.1 ti/

OP)ESII. ext 1tat io tIspec tinm11 of Ti', .onaiictl A is at 2.) V.l( i. I 1 1, t.
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C I PL/ MCt)
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Figa5 Fig.6:
Photoluminescence spectrum for Comparison of the photoluminescencc

igJ 2 at T=1 .6 K for Ar4 ion and MCD spectra of the 2. 2 cV t rans

laser excitation (5110 A)

In a similar way it can be shown that the high energy part of the ' >C1)
(mnaximuml at 2.26 eV) is caused by thle defect responsible for resona'-nce .

Its energy onset is at 2.30 eV.

.3Photoluminescence

In the low teimperature PL measurements three luminescence hands shový lip

(fig.5). The one close to the band gap ;it 2.33 eV is believed to be due to
an vititorlic transition (6) . The Aumlinescence at 2.2 e-V, with a half width of

50 meV dominates in all of our samples cut from different rt r ion- of t1,

boule-. At 1.84 eV (liW=120 meV) a third emission band is located. B,; clicorin,ý
the excitation power over more than three decades (Pma.=

8 00
' tin (Ilissiol

bands at 2.33 eV and 2.2 eV increase i mearily in initeis it, w~ithu 'In"

indications of saturat ion. Biothl showed a strong sulhlinear b-lull-Ii NIo

2.33 eV band has a slope of 0, 1 ± 0.03 and the band at~ 2. A lape of
(1.ý5 t 0.05. For donor-acceptor and band-acceptor (e')A

0 
) t insition. lo4

of the order of I are usually found,- The remarkable devi at ions, ii - I ur

indicat ions of strong non- radiative processes.- We observe a clear shto

tile maximum of the 2.2 eV bland to hil he r energies when ii-tasi'

ex:citation power. This behaviour indicates a donTI~-aCee(ptorF pal7

ri-combination. With respect to the 2.2 eV hand, which is of primen~t

here, we can state, that the PL results give strtong evid~-tie for donor-

acceptor pair recombination.- From a comparison of tile PL alnd MCD bands w,
will show that in both cases the same acceptor is involved.

IN1TK111'RE.TAT 1DM AN) 1DISCUSS I ON

1 MCD

We observe thle F ' S tagged MCI) band _just below the band11 Fgap Ifl-t,
symimet rlV5 oIf thei grOIld llI nl tile excited Star(' atre il~liprti ant Iýlu the- Mill

line, shape. Assumlinrg ant i onisaition transition to the conducllt ion hlaiil i-. h

origin of the MCI) we have a state with T2 sylmmetry as the Frouiid stat-e
(iirceritIl) whereas; thle conduction111 band has Al -;vimmeti Fov It I., 1o I

i III itr zl w e ho 1100 t o t I '- ionl . i (II) ba 'h i s wit Iio "f th1,1 j 111 1 -'IL t
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ecb) acceptor in GaAs 13)] the EK2 double acceptor in) GaAs an,l t he int rilieic
G a S c at ion ant is iteo de fec t in GaSh, al so ac ting -as douilIe ac' -ept ors [ 4 )I.,"
In all cases the sharp low energy threshold could be us-ed t,,d' t,-rsinle rhe
binding energy t~o bc E - E tr-E F From the on.set sof the OPESPR
excitation band s which Rap tr attri bute to the electron ionisaitioni tratisitions
of thle acceptors A- - -> A

0 
+ ecb a binding energy of 140 1 D)i 11eV anld 150 t

10 ieeV can be inferred.
In order to observe a paramagnetic MCD in an ionisation transition to thle
conduction band the acceptor must be a double acceptor with two levels in

the gap. Single acceptors giving rise to a transition A- - -> A' 4 e, have, a
non-paramagnetic ground state. This considerably narrows the. possibilties oi

which chemical origin the acceptor is. Those could be the gr oup V- elements
(N, P, As,_) on the Iodine side. With respect to the, li side, a l~b
element, no extrinsic impurity can act as a double acceptor Althoug'h lgý

1
2

is a very impure semiconductor (impurity content 10 8c m -),elec~rical)','
acietraps are found only in) the range 101 to 10 cs illplvttn' that

most impuri ties are not electronically active. Nonsmet all ic impurities such
as C, Cl and Br are present in the 1-100) ppm range, wore timportalit ill 1ic
10-50 ppm range are the metallic ones such as Na, K, Ga, Al and Fu N and K
are single acceptors, Fe could act as a donor and an acceptor, ut should
have completely different optical and magnetic properties 17. The hest
candidate is an intrinsic defect acting as an acceptor.

The problem which defects are present in non-stoichiometric lig~l, is still
under discussiorn. Frenkel ais well as Schottky disorder on the iodine
defficienit, i.e. Hg rich side, would produce lig 1 and/or V1 ititerstitiails,
both supposed to act, as donor sVl are expected to dominrate on the I odine
rich side (we neglect ior thle moment alit istrUC ture disorder for which sofar
ito explerimsentalI evidence is presented) . For the sl ighit de.viaition 015 rowt the
stoichiometric comsposition oi 2, as found in our crystals, V 1c11i1 still liec
present. The, observation oi two ODESR resonances with sli i't ly diffierentt
excitation spectra woiilih he il]l Iinc With thle two poss iile! sites e i the 11'
in the tetragonal crystal structure of HgpJ2 .
The presence of negatively charged iig vacancies in 11FJ, is al so ililerred
fromn positron annihilation Studies f8).

4.2 Phiotoluminescence

The PL experiments indicate ulonor-acceptor recomhination for the .).2 e
eiiission hand. In fig. 6 we compare the spectral posit ioiis oi the Ph, hand
wi th the ESR tagged MCD hand (hound to free transition).- We not-e that thi
maximum of the P1. band coincides withi the onset of the IMCD band. This could
imiply for a fl-A recombiinat ion that the ,uhal low donor bindiniig enlerrt'. is %CC'.

small I. For a comparison with the experiments we calculated within the-
effective mass theory. (EM'T), both the shallow donor and shi,ilIlow accept li
iiird inrg eliergies.

lot the( shallow EMT acceptor we obtained EA =31-,.6 eV. for the, dioiir bnhi i,
elierrgv 10.7 me-V [91.
For. a 0-A recominlnat ion tiii. peak poi~t-tion of the I'1. h~ianiid ei

CitiUiOmbiC effects P2 /R) is gilln hiy'EI F -ED - EA Th'e P1. handh of thi,.
eifeet ive itass donors and accept ors sit od'1 hi' at 2). 3,25 eV. Ii'r rh
lumiiinescence at 2.22 eV ye calcularte with E Dlhh . / itiv a aane "cpoll hivldint-c
el1oiury of 14.0 meWV. Compare'd to thie EMT vi lue of 14i znt th, itt-i i r its

acieptil it- in hetweeti an "11,1l loiw aiid deep level nhifiet
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4.3 ODESR

Reflection measurements and their group theoretical interpretation gave
for HgJ 2 the ordering of the valence subbands Fr7, F 6  (separated by the

crystal field energy of 0.19 eV)[10] . We thus have to asign the resonance
taking place within the )7 state. For a pure J=1/2 state (L=I, S=1/2) we

get the Lande g-value of 2/3=0.66. Experimentally we find our g-values at
0.85 and 0.74 not far above that value. The absence of any hyperfine
interactions (hf) with neighbouring nuclei (iodine has 1=5/2) is in line
with the shallow nature of the defect (delocalised wavefunction). For a

deep, highly localiscd defect state we expect the g-values around 2 and
resolved hf interactions.

CONCLUSION

Optical absorption, magnetic circular dichroism, photoumninescence aitd

optically detected magnetic resonance investigations have been performed to

study the absorption and recombination of the 2.2. eV band in fig.1 2. The';
show the presence of an acceptor levels at Ev + 0.14 eV and E + 0. 15 eV. In

the MCD spectrum the bound to free transition (A- -- > A + ecb) is

monitored, the photoluminescence is consistent with a shallow donor -

acceptor recombination. Based on the magnetic properties of the defect, the

paramagnetism of the ground state as well as the spin resonance data we
conclude that most probably a Hg vacancy is involved.
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EFFECTS OF REACTIVE SPUTTERING PARAMETERS
ON THE GROWTH AND PROPERTIES OF

ACOUSTOOPTIC ZnO FILMS

E. JACOBSOHN AND D. SHECHTMAN
Technion, Department of Materials Engineering, Haifa 32000, Israel

Abstract

1 Jim ZnO films were deposited on Si0 2 by reactive sputtering using a D.C. magnetron

gun. The microstructure, orientation and chemistry of the deposited layers were exam-
ined. It is shown that the oxygen partial pressure plays an important role in the structure
of the layer through a mechanism of surface diffusion.

INTRODUCTION

Zinc Oxide films have aroused increasing interest in recent years due to their potential use
in acousto and electro-optic device technology. The integration of surface acoustic wave
(SAW) devices and silicon technology requires the deposition of a piezoelectric material.
such as Zr.O, on oxidized silicon wafers. The advantage of ZnO relative to other piezoelec-
tric materials stems from it's low price and from the possibility of depositing it oii many
kinds of substrates. More important, ZnO has the strongest piezoelectric coupling effect
of any ferroelectric material.

Several models were developed to predict the effect of the sputtering parameters (pressure
and temperature) on the film structure. The best known are those of Thornton -11 and
Mazor et. al. [2]. These models do not apply in the case of sputtering in a reactive
atmosphere at relatively low deposition rate (; 0.31um/h), conditions which are mostly
used for the sputtering of piezoelectric Zinc oxide films ý3'.

The purpose of the study reported here is to find the effect of the deposition parameters on
the stoichionietry, morphology, and crystallography of the growing layer. The structure of
ZuO sputtered layers was studied by: Transmission Electron Microscopy (TEM), Scanning
Electron Microscopy (SEM), X -Ray Diffraction (XRD) and Auger Electron Spectros',eIpy
(AES).

EXPERIMENTAL PROCEDURE

Sample preparation and eharacterizatiui

ZiO films were deposited by reactive sputtering oil I iiii ( lltsirates covated with 1000A
of Si0 2 , using a high purity Zn plate (99.999"' as s tiretl and a gas mixture of Ar 02
(21 80 vol.%) at 7.5rntorr. hothh gases were 99.999' pI'," aiid l lie, desired oxygen partial
pressure in each experiment was nmonitored by a mass llimv (itr rller, lIhe growth rate was
measured by an Inficon thickness monitor.

Mat. Res. Soc. Symp. Proc. Vol. 242. 1992 Materials Research Society
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A d.c. magnetron gun was used for the depositions in a discharge power range between
10OW and 250W.

The sputtering chamber was pumped down to 5 • 10-7 torr before the 0 2 /Ar gas mixture
was introduced. The target was presputtered for about 20min. prior to tile deposition.

The ZnO film thickness was measured by an a-step gage. Subsequently, a thin Al film
(2000 A) was deposited by sputtering on the ZnO layer and interdigital electrodes were
then made by conventional photolithography, on the samples that were found to be well
c-axis oriented with a close structure and smooth surface.

The stoichiometry of the ZnO layers were studied by Auger spectroscopy and compared to
a standard ZnO sample.

Cross-section and edge-on samples were examined using TEM in order to resolve the grain
structure and orientation. In addition an X-ray diffractometer (CuKa-radiation) and SEM
were used for this purpose.

Electrical measurements

The resonant system of the interdigita[ transducer (IDT) had the following parameters:
IDT period (equal to the wavelength of surface Rayleigh waves) A - 60frm; electrode width
d A \/4 ý 15jum; acoustic aperture: u -50, 3mm; IDT length I = A= 12mm; and
the number of the electrode pairs was m = 200.

Return loss response of our resonator was measured with a spectrum analyzer. The fre-
quency spectrum reveals a clear resonant shape due to the piezoelectric properties of ZnO.
The main resonant frequency was P, =- 78.96MHz and corresponds to the acoustic wave
velocity v = Av, = 4.7. l0' cm/s. The last value is close to the calculated one for Rayleigh
surface waves at given parameter q f4, 5ý.

EXPERIMENTAL RESULTS

a. Stoichiometry

Fig. I shows the AES compositional depth profile for a sample that was deposited using
sputtering power discharge of 100W in an atmosphere of 20"1, vo.0O 2. The concentrations
were calibrated using a standard ZnO powder. Since the composition through the thickness
is constant the measurement was stopped before the interface was reached. It can he seeni
that the obtained film is relatively free of impurities. The 0 Zn ratio was calculate(] and
was found to be 0.8. Further enlargement of the discharge power to 154\W increased the

O/Zn ratio to 1.0.

The stoichiometric composition of tle ZnO1 was nlaintlýined even with firtlher increases of
the discharge power up to 250W. In other w,,d.. it .... it ce••u p,,ker all films have
stoichiomietric composition which is independent of thin _ (,om posit ions.
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Figure 1: AES compositional depth profile for a sample sputtered at 20%vol. 02 and
discharge power of 100W
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Figure 2: X-ray diffraction spectra from: a. bulk ZnO powder b. from ZnO films sputtered
at 150W at different oxygen concentrations

b. Orientation

ZnO has the structure of wurtzite - hcp structure in which half of the tetrahedral intersti
tials sites are occupied. In order to receive high piezoelectric effect (high coupling factor)
the film must grow highly oriented with it's c-axis perpendicular to the suhstrate.

Fig. 2a shows X-ray diffraction spectra using Cu-K, radiation 4f hulk Zn(O powder (991,(,

In our ZnO sputtered film the (0002) peak was thlie strongest peak and in most cases the
only one (In such cases (000,4) was also detected). Fig. 21) sh(,ws I he effect of oxygen

concentration at constant total pressure and at 150W. -n the ,,rienlatimi 4f the grown
layer.

It can be seen that for oxygen coce(ntrations alhoe 20)',r ,c. both peaks of (1011) and
(1011) do not exist. At 20%vol. 02 a weak peak of ((1010) plane was detected.

Such X-ray measurements were done with all the samples.
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-l

Figure 3: The influence of the 02 concentration on the structure: a. 20%vol. 02 b.
50%vol. 02 c. 80%vol. 02.

The results showed that highly oriented films were obtained above 20% vol.02 at discharge
power range 100-200W. A partial volume of 80% vol. 02 was needed at the power of 250W

to obtain a well oriented film.

c. Structure

The SEM investigation of cross-sectioned samples revealed that the films grew in a colum-
nar structure, with the columns perpendicular to the substrate surface.

Fig. 3 shows the effect of the 02 concentration on the resultant structure at a given
discharge power of 200W. When 20%vol. of oxygen (fig. 3a) was used the resultant structure

consisted of columns with an open structure. As the concentration was raised a denser

structure was resulted (fig. 31). 3c). This type of behavior was observed at all other
discharge powers. At 250W, however, the resultant film was covered with flakes that we'rc
analysed by AES to be ZnO. The flakes originated from t lic iaterial deplosited on t li gl, g

shield .This phenomena was reported by Muaniv '61. The colunmi width was 0t.2 0.5 pin. A
denser structure leads to a smoother surface which is essential for SAW devices.

TEM investigation of cross-sectioned specimens revealld tIhat tihe cl luniUar grains d1o no

grow directly on the substrate (fig. 1). An intermnediate layer of equiaxed grains grows on
the substrate and columnar grainOs ileelop on it.

Fig. I is an example of this beha\'ior. it appJiiari- w, l i ý Ili. ,,xvvi4('ii coicentration is
raised the thinner this equiaxed grains layer is. Nh% l thii a ra is inspectel closrly (higher
magnific:ations) one cati see that rotational XI'';-. patt erns orcurred between many pairs

of grains. This implies that there is only a slight angulat rotation between tihe orientations
of the grains. Selected Area [Iiffraction (SADI) taken from this layer shi•oed the existence
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Figure 4: TEM image of cross sectioned sample sputtered at 100W: a. 20%0 2 vol. b.

50%0 2voI. (the arrows point the directions of growth)

of preferred orientation.

During the deposition a large concentration of planar defects were formed (the SAD pattern
taken from this area had verified that). The columnar grain width measured from the TEM
images was found to be 40- 200nm. The big differences between this measurement and
that of column width (Fig. 3) suggests that each column consist of several grains.

DISCUSSION

The results of this study show that the microstructure and crystallographic orientation of
reactively sputtered ZnO films depends on the oxygen partial pressure and on the discharge
power.

The AES results have demonstrated that in order to obtain stoichiomnetric ZnO a discharge
power grater than 100W is needed. This effect of the discharge power on the 0, Zn ratio
was observed by Brett et al. 7'. They explained the enhanced film oxidation as a re-
s.!t of increased discharge power, through a mechanisms of preferential resputtering and
evaporating of Zn. and by activation of oxygen species.

The oxygen partial pressure plays an important r"lc in governing tihe depositi(n rate. B3s"

increasing the oxygen partial pressure from 20"' vol. 1i :It ; rKI. at discharge power of 150NW
for instance, a decrease in the depo'sition rat1' rr•ItI 2.-m1 5 t m1, TiO1 r(0 was observed

(these changes in deposition rate were apprxinate l '%th r,', t'sin larger Ihan t1hn, changes
in the film density). At higher oxygen con teit tie rate decreases and remains almost

constant beyond 50% vol. The reduction in the deposition rate as oxygen is added may'
be due to the formation of negative oxygen ions which trap electrons, thereby producing
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higher plasma impedance, low ion current and hence lower sputtering rate. Furthermore,
the negative ions do not contribute to the sputtering yield [8].

There are two main factors which govern the structure of a sputtered thin film: a) geomet-
rical shadowing of the incident beam by protruding parts of a growing surface; b) surface
diffusion [9]. It was argued qualitatively [1] that the shadowing dictates a morphology
of low-density columnar grains. Introducing surface diffusion allows the development of
wider, smoother uniform columnar grains.

During the entire experiment the substrates were cooled to room temperature. However.
in sputtering, the arriving species acquire enough kinetic energy for surface diffusion to
occur. It is suggested that at high deposition rates there is not enough time for the atoms
to diffuse on the surface. In such a case a structure of low-density tapered columns with
domed tops is obtained (fig. 3).

When the deposition rate is lowered by increasing the 02 content the surface diffusion
becomes more effective and smoother arid wider columnar grains are formed.

The lack of surface diffusion explains the phenomena of equiaxed grains layer (fig. 4).
When the diffusion rate is relatively low it takes a longer time for the atoms to arrange in
an energetically favorable way (c-axis perpendicular t,, the surface) which will lead to, the
growth of columnar grains. Thus whenever there is enough time for surface diffusion t-

occur, this equiaxed grain layer is relatively thin (fig. 41,). The thinner this layer is. the
better the orientation is and the XRD results have verified that.

In the case of reactive sputtering at relatively low deposition rates the oxygen partial

pressure plays the role of the temperature in the zone model of Movchan and Demchishin

[101 by governing the surface diffusion.
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